Effect of Reinforcement on the Aging Response
of Cast 6061 Al-AlLO; Particulate Composites

I. DUTTA, S.M. ALLEN, and J.L. HAFLEY

The effect of 10 and 15 vol pct alumina particulate addition on the age hardening behavior of
cast 6061 Al-matrix composites was studied using microhardness, electrical resistivity, differ-
ential scanning calorimetry, and transmission electron microscopy (TEM). It was found that the
kinetics of precipitation in the matrix alloy are significantly accelerated due to the presence of
reinforcements. This acceleration is attributable to the decrease in incubation time required for
nucleation and the increase in solute diffusivity and hence precipitate growth rate resulting from
the increase in the matrix dislocation density due to coefficient of thermal expansion (CTE)
mismatch between the matrix and the reinforcements. The relative amounts of the various phases
were also observed to be affected by reinforcement addition. Increasing reinforcement content
decreased the volume fractions of the 8’ and B precipitates while increasing the volume fraction
of the GP-I zones. The volume fraction of silicon clusters (which are the precursors to GP zones
in 6061 Al) formed during postsolution treatment aging was found to decrease with increasing
reinforcement addition. The above effects have been discussed with respect to the associated

mechanisms, and plausible explanations have been offered.

I. INTRODUCTION

DISCONTINUOUSLY reinforced metal-matrix com-
posites (MMCs) with precipitation hardenable matrices
are known to age considerably faster than the unrein-
forced matrix alloy.['™ When discontinuous MMCs
reinforced with ceramic particulates or whiskers are
quenched from the solutionizing temperature, a high dis-
location density is produced in the matrix due to differ-
ential thermal contraction of the matrix and the
reinforcements.!'-35-1% Transmission electron micros-
copy (TEM) of SiC whisker-reinforced 2124 Al has shown
that the matrix dislocations reduce the incubation time
for heterogeneous nucleation of the strengthening pre-
cipitates, thereby accelerating the aging kinetics of the
composite. A theoretical analysis of precipitation ki-
netics in 6061 Al-SiC,, MMCs coupled with some ex-
perimental evidence suggested that the matrix dislocations
may also enhance precipitate growth rate by serving as
short circuit paths for solute diffusion.!!!! In addition, the
elastic strain field induced in the matrix by the presence
of reinforcements can lead to enhanced matrix diffusiv-
ity and hence accelerated precipitation kinetics for com-
posites with relatively low matrix dislocation density and/
or large reinforcement particle size.[! Detailed differ-
ential scanning calorimetry (DSC) studies have estab-
lished that the addition of SiC to aluminum alloys does
not alter the precipitation sequence of the matrix alloy,
although both precipitation and dissolution kinetics are
altered and some normally quench-insensitive materials,
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such as 6061 Al, become quench sensitive.[”! Studies of
discontinuous 8-alumina fiber-reinforced Al-matrix com-
posites have shown that the level of hardening obtained
via aging in the composite is less than that in the un-
reinforced matrix alloy, attributable to the decreased
vacancy concentration in the MMC.!

Most of the currently available literature on acceler-
ated aging in metal-matrix composites is based on pow-
der metallurgy (P/M) processed materials.!!>-7!" To date,
no systematic investigation of the aging response of cast
Al,O; particulate reinforced aluminum-matrix compos-
ites has been reported. Cast SiC-aluminum composites
were recently shown to exhibit accelerated aging due to
the enhanced matrix dislocation density."* Since the
coefficient of thermal expansion (CTE) of aluminum
(~23 X 107%/K) is closer to the CTE of ALO; (~8 X
107%/K) than that of SiC (~3 X 107%/K), the thermal
plastic strain (and hence the dislocation density) gener-
ated in the matrix during quenching from the solution-
izing temperature is expected to be considerably less for
AL O;-Al composites than for SiC-Al. In addition, recent
DSC studies have revealed that the kinetics of aging in
cast materials are considerably slower than those ob-
served in P/M processed materials.[”? Based on the above,
the kinetics of precipitation in cast particulate Al,05-Al
composites may be expected to be considerably different
from those observed in both powder metallurgy and cast
SiC-Al composites.

The purpose of this article is to document the effect
of alumina particulate reinforcement on the aging re-
sponse of a cast 6061 Al-matrix composite. Changes in
microhardness of the MMC matrix have been monitored
as functions of aging time and reinforcement volume
fraction. In situ resistivity measurements during aging,
coupled with TEM, were conducted to characterize the
sequence of precipitate evolution in the matrix alloy. A
DSC investigation was also undertaken to observe the
effect of reinforcements on each step in the precipitation
sequence of 6061 Al.
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II. EXPERIMENTAL PROCEDURE

The metal-matrix composites used in this work were
commercial aluminum alloy 6061 reinforced with 10 and
15 vol pct Al,O, particles. The materials were fabricated
by Duralcan Inc., San Diego, CA, using a proprietary
casting technique. After casting, the material was hot-
extruded to homogenize the microstructure. The alumina
reinforcement particles, which had aspect ratios of about
one, had irregular shapes and ranged in size from about
0.5 to 25 um. For comparison, unreinforced commercial
6061 Al was obtained from ALCOA, Pittsburgh, PA, in
the cast and wrought form and was used as a control
material.

Microhardness measurements were conducted using a
Buehler Micromet Tester equipped with a Vickers dia-
mond pyramid indentor. Samples measuring 0.02 X
0.01 X 0.004 m were cut from the as-received stocks
and were polished to a 1 wm finish. They were then
solutionized at 813 K for 1.5 hours in a purified argon
atmosphere and quenched in ice water at 273 K. Sub-
sequently, the samples were aged at 473 K for various
lengths of time and quenched to 273 K before hardness
measurements were taken. Any interim storage before
hardness testing was done in a freezer at 276 K. A min-
imum of seven hardness readings were taken for each
composite sample with care being taken to avoid contact
between the indentor and the reinforcement particles.

For the resistivity measurements, 0.115 X 0.038 X
0.018 m samples were machined from the as-received
billets of the composite and the control alloy. Each sam-
ple was solutionized in argon atmosphere at 813 K and
quenched to 273 K. Immediately thereafter, the sample
was aged at either 293 = 0.1 K or 473 = 0.1 K and the
electrical resistivity of the sample was monitored in situ
using a standard four-point probe technique. The resis-
tivity (p) vs time (¢) data obtained from the tests were
later converted into relative resistivity change (Ap/p)
vs t to eliminate any effect of contact resistance. Each
test was repeated at least twice to ensure reproducibility.

In order to relate change in p to the phase transfor-
mations occurring in the matrix, thin foils of the mono-
lith and the 15 vol pct Al,O; MMC were examined using
a transmission electron microscope. The 0.003 m di-
ameter disks were cut from the as-received stocks by
electric discharge machining and were then ground me-
chanically to a thickness of about 25 um using a TEM
disc grinder. The samples were wrapped in aluminum
foil, solutionized in inert atmosphere at 813 K for
1.5 hours, and quenched in ice water. They were then
aged immediately for various lengths of time at either
293 or 473 K, quenched in ice water, and thinned to
electron transparency. The unreinforced samples were
thinned by electropolishing in a solution of 3 pct per-
chloric acid, 62 pct ethanol, and 35 pct butoxy-ethanol
at 233 K using twin jets at a voltage of 18 V and a cur-
rent of 30 mA. The composite samples were thinned in
two steps. First, the disks were electropolished for 3 to
5 seconds using the above procedure to remove any de-
formation zone left over from the polishing step. The
samples were then successively rinsed in water and high-
purity ethanol and dried. In the second stage, the MMC
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disks were thinned using a GATAN duo-ion mill equipped
with a liquid nitrogen cold stage at an accelerating volt-
age of 5 kV, a gun current of 1 mA, and a specimen to
ion beam inclination of 12 deg. The final ion-thinning
step, which lasted a maximum of 4 hours, was required
to thin the alumina particles somewhat so that they would
not fall out when a hole was obtained through the foil.
Prior in situ ion-thinning experiments of aluminum al-
loys have shown that dislocation arrangements and
microstructures are not altered by ion milling, although
a limited number of point defects may be introduced in
the foil.!'"! All samples were examined using a JEOL
100CX TEM at an accelerating voltage of 120 kV. Any
storage between preparation and observation was done
at the liquid nitrogen temperature. Samples in the so-
lutionized and quenched state and those aged for short
times or at low temperatures were examined immedi-
ately after preparation to avoid storage in liquid nitrogen.

For the DSC experiments, 0.0015-m-thick disks of
0.0055-m diameter were machined from the as-received
MMC and monolithic stocks by electric discharge ma-
chining. The disks were solutionized at 813 K for
1.5 hours in argon atmosphere and quenched in ice water
at 273 K. They were then analyzed immediately in a
PERKIN-ELMER* 2C DSC from 273 through 833 K

*PERKIN-ELMER is a trademark of Perkin-Elmer Physical
Electronics, Eden Prairie, MN.

using a heating rate of 10 K/min. In addition to the so-
lutionized and quenched samples, samples preaged for
1.5 hours at 298 and 313 K were also analyzed. The heat
flow data from each run were converted to heat capacity
(C,) by using a previously established calibration factor.
The C, vs temperature (T') data were subsequently trans-
formed into differential heat capacity (AC,) vs T by sub-
tracting a baseline representing the C, of the alloy with
its existing precipitates. The baseline was approximated
by scanning a sample aged for 72 hours at 473 K (over-
aged) from 273 to 800 K (the start of the equilibrium-
phase dissolution peak) and extrapolating the plot to
833 K.U8

III. EXPERIMENTAL RESULTS
A. Dislocation Density Analysis by TEM

The matrix dislocation densities (p.) of the mono-
lithic 6061 Al and the 10 and 15 vol pct Al,O; reinforced
composites were measured using the line intercept
method.!'®) The matrix dislocation density was deter-
mined from five micrographs of each of two separate
samples of each material, and the mean value of p. and
its standard deviation were calculated. Typical disloca-
tion structures of the solutionized and as-quenched con-
trol alloy and the two composites are shown in
Figures 1(a) through (c). The mean dislocation density
of the solutionized and as-quenched control alloy was
found to be 3.1 X 10" m™2 with a standard deviation of
3.6 X 10" m~2, The dislocation density in the 10 vol
pct Al,O, composite was found to be 4.5 X 10 m™? +
2.0 X 10" m™%, while for the 15 vol pct Al,O; composite
it was 7.3 X 10” m % + 1.8 X 10" m . In general,
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Fig. 1—Representative dislocation structures of the (a) solutionized and quenched control alloy, (b) 10 vol pct Al,O, composite, and (¢) 15 vol
pct ALO; composite in areas away from reinforcement particles. It is clear that the dislocation densities in the composite matrices are much higher

than in the monolithic alloy.

the composites were fairly evenly dislocated throughout,
as opposed to the control alloy which showed dense ran-
dom dislocation arrays in some areas, evolving low-angle
grain boundaries in others, and very low dislocation den-
sity in still other areas. However, as evident from the
above numbers, the mean dislocation density in the com-
posite matrices was significantly greater than that in the
control alloy. It is apparent that while the increase in
reinforcement volume percent from O to 10 increases the
matrix dislocation density by about two orders of mag-
nitude, a further increase from 10 to 15 leads to com-
paratively little additional increase in p. .

METALLURGICAL TRANSACTIONS A

B. Microhardness

Figure 2 shows the microhardness variation as a func-
tion of aging time at 473 K for the monolithic 6061 Al
as well as the 10 and 15 vol pct ALL,O; MMCs. It is
evident that there is considerable scatter in the micro-
hardness of the composites. Although care was exercised
to record the data from the matrix without indenting
any reinforcement particle, occasional occurrence of
subsurface particles caused the hardness to vary ap-
preciably. In addition, the reinforcement distribution
in the composites was rather inhomogencous, with
clusters of alumina particles separated by regions of
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Fig. 2— Microhardness as a function of aging time at 473 K for the
control alloy and the composites with 10 and 15 vol pct ALO; par-
ticulates. The addition of alumina reinforcements is observed to de-
crease the time to peak hardness. The composites exhibit considerable
scatter in the hardness data, suggesting that the matrix mic:ohardness
is strongly dependent on the distance from the reinforcements.

reinforcement-free matrix. This caused the matrix
microhardness of the composites to be strongly depen-
dent upon distance from reinforcement clusters, resulting
in the observed scatter.

Three features of Figure 2 are noteworthy. First, the
solutionized and as-quenched matrix microhardness in-
creases with increasing alumina additions. This suggests
that the enhanced dislocation density in the composite
matrices contributes appreciably to the increased strength
of these materials. Second, the addition of 10 vol pct
Al,O; decreases the time to peak hardness from approx-
imately 65 minutes in the monolith to about 40 minutes
in the MMC. The addition of 15 vol pct Al,O; decreases
the time to peak hardness still further, to about
25 minutes. This suggests that the addition of alumina
reinforcements causes considerable acceleration in the
aging kinetics of the matrix alloy. Third, the micro-
hardnesses of the composite matrices start out higher than
the microhardness of the monolith and remain higher until
peak age. Beyond peak age, little difference is observed
between the microhardness of the monolith and the com-
posites. This suggests that during the early stages of aging,
both the matrix dislocation density and the precipitation
of metastable phases contribute to the overall matrix
hardness. As the matrix overages, the influence of ma-
trix dislocations becomes less pronounced, probably be-
cause the relatively high aging temperature allows some
dislocation recovery at the longer aging times. Accel-
erated precipitate growth, resulting in quick overaging
of the composite matrices, might also be partly respon-
sible for the comparable hardness values observed in the
monolith and the composites beyond peak age. Since lit-
tle difference is noted between the peak hardnesses of
the 10 and 15 vol pct ALO; composites, it can be in-
ferred that even in the peak-aged condition, some strain
accommodation has occurred in the composites due to
recovery, thereby obfuscating any evidence of the mar-
ginally higher dislocation density in the 15 AlLO; vol
pct MMC.

2556 — VOLUME 22A, NOVEMBER 1991

C. In Situ Resistivity and TEM

1. Precipitation processes accompanying resistivity

changes in 6061 Al

The variation of electrical resistivity with time at an
aging temperature of 473 K is shown in Figure 3 for
monolithic 6061 Al. Figure 3 suggests that the resistivity
of 6061 Al changes in three stages concurrent with aging:
stage I, representing the rapid initial rise in resistivity;
stage I, during which the resistivity remains essentially
constant with time; and stage IIl, where the resistivity
decreases with aging time.

Figure 4 shows the bright-field (BF) TEM micrograph
of the unreinforced 6061 Al sample aged for 50 seconds
at 473 K. A high density of very tiny (~1 to 2 nm)
precipitates are observed. The formation of these pre-
cipitates was accompanied by an increase in micro-
hardness from about 500 to 530 MPa. These precipitates
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Fig. 3—The variation of electrical resistivity with time at an aging
temperature of 473 K for the monolithic 6061 Al. Three stages are
evident. The resistivity increases rapidly during stage I, remains rel-
atively constant during stage II and decreases during stage ITI.

Fig. 4—BF TEM micrograph of the monolithic contro} alloy aged
for 50 seconds at 473 K, showing a high density of tiny silicon clus-
ters. The corresponding SADP of the 001 pole shows no additional
features which are representative of the clusters.
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were previously identified as coherent silicon clusters. !¢
These precipitates form quickly at quenched-in vacancy
loops even at relatively low aging temperatures and are
known to be precursors for GP zones in Al-Mg-Si al-
loys.[!7:1%1% The microstructure of the monolithic alloy
aged for 100 seconds at 473 K is shown in Figure 5.
Coherent precipitates appearing as dots about 3 to 4 nm
in diameter are observed. These near-spherical precipi-
tates, which have been observed earlier by other inves-
tigators, 221 were recently identified to be GP-I zones.!"!
The accompanying selected area diffraction pattern
(SADP) reveals very faint (100),, streaks, suggesting that
in addition to the near spherical GP-I zones, a limited
number of tiny, needle-shaped precipitates situated along
(100}, are also present after aging for 100 seconds at
473 K. These needle-shaped precipitates are more clearly
visible in Figure 6, which shows the BF micrograph of
a sample aged for 2000 seconds at 473 K. The needles,
which are approximately 15- to 20-nm long and 5 nm in
diameter, are seen to be oriented along (100),;, resulting
in the prominent streaks in the SADP. These needle-
like precipitates represent the B” phase (or GP-II
zones)1622-2) which forms competitively with GP-I zones
from silicon clusters.!! Figure 7 shows the TEM micro-
graph of a sample aged for 50,000 seconds at 473 K.
Here, the needles are seen to have coarsened into rods
which are approximately 150- to 200-nm long and about
100 A in diameter. These coarse rod-like precipitates are
the metastable 8’ phase, which ultimately transform into
the equilibrium B-Mg,Si precipitates by further lateral
coarsening.16-20-24]

From the above, it is clear that stage I in Figure 3,
which represents the quick initial rise in resistivity until
about 150 seconds, is associated with the formation of
coherent silicon clusters at quenched-in vacancy loops
and their subsequent transformation to GP-I zones. The
matrix strain associated with the formation of silicon

Fig. 5—BF TEM micrograph of the control alloy aged for
100 seconds at 473 K, showing near-spherical GP-1 zones. The SADP
shows no additional features representative of the GP-I zones. The
very faint (100) streaks observed suggest that a limited amount of tiny
needle-shaped GP-II zones (B") is also present.
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Fig. 6—BF micrograph of the control alloy aged for 2000 seconds
at 473 K, revealing fine needle-like GP-II zones. These zones cause
the prominent (100) streaking observed in the SADP.

Fig. 7— BF TEM micrograph and the corresponding SADP of mono-
lithic 6061 Al aged for 50,000 seconds at 473 K, showing rod-like
B’ precipitates.

clusters and GP-I zones is primarily responsible for the
rise in resistivity. In stage II, needle-like GP-II zones or
B" grow from the pre-existing silicon clusters and GP-I
zones. Concurrent with the formation of the needle-like
precipitates, a large matrix strain develops perpendicular
to the needle axes.!'®?] While the transformation-induced
strain field tends to increase the resistivity, continued
solute depletion from the matrix due to precipitate growth
tends to decrease it, keeping the overall resistivity con-
stant with time. As the precipitates coarsen into the
semicoherent B’ and eventually the incoherent 3, the
matrix strain decreases, as does the precipitate density.
This decrease in strain, coupled with concurrent reduc-
tion in the matrix solute content, results in a net drop of
resistivity in stage III.
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2. Comparison of resistivity changes in the monolith

and the composites during aging

Figure 8 shows the variation of electrical resistivity of
the unreinforced alloy and the two composites (10 and
15 vol pct Al,O,) during aging at 473 K. Relatively little
difference is observed in the durations of stage I of the
resistivity change between the three materials. However,
stage II for the composites is observed to be considerably
shorter than that for the monolith. While stage II for the
unreinforced alloy extends to about 10,000 seconds, in
the composites, it extends to only about 300 to
400 seconds. Figure 9 shows the precipitate micro-
structure in the 15 vol pct MMC after 300 seconds of
aging at 473 K. Coarse precipitate rods (B’'), about
20 nm in diameter, are observed. This corresponds roughly
to the microstructure of the control alloy aged for about
60,000 seconds at the same temperature. The above in-
dicates that the formation of the needle-like 8" precipi-
tates and their eventual coarsening into B’ rods are
substantially accelerated in the composites. Since no new
nucleation is necessary for the transformation of the sil-
icon clusters into 8" and the subsequent formation of 8’,
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Fig. 8 —The variation of electrical resistivity with aging time at
473 K for monolithic 6061 Al and the composites with 10 and 15 vol
pct ALO, particulates. It is observed that the addition of reinforcement
particles shortens stage II significantly.

Fig. 9— The matrix microstructure of the 15 vol pct Al,O, composite
aged for 300 seconds at 473 K, showing coarse B’ precipitate rods.
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it can be inferred that growth is significantly accelerated
in the MMCs.

The formation of transition precipitates (8", ') in
Al-Mg-Si alloys occurs due to the precipitation of mag-
nesium and silicon atoms from the solid solution on pre-
existing nuclei,!® which could be either silicon clusters
or silicon clusters which have already grown into GP-1
zones, as discussed earlier. Since magnesium has an
atomic diameter of 0.3196 nm vs 0.2351 nm for Si, the
diffusivity of Mg in Al is less than that of Si in Al
(Dsi ~ 5 X 1075 m’/s; Dy, ~ 6.5 x 107" m’/s at
673 K?), In addition, the Mg-Si bond is characterized
by a large interaction energy, suggesting that the for-
mation of the transition precipitates is not interface-jump
controlled, but rather, Mg-diffusion controlled. There-
fore, any acceleration of B8” formation and the coarsen-
ing thereof to B' must result from increased Mg diffusivity
in Al. It is thus evident that the presence of reinforce-
ments increases the apparent diffusivity (D,,,) of mag-
nesium by increasing the matrix dislocation density. The
apparent diffusivity, which depends both on lattice dif-
fusivity and pipe diffusivity, increases linearly with the
matrix dislocation density.!"!! The increase in dislocation
density from 3.1 X 10" to 4.5 x 10> m~? increases D,,,,
significantly, leading to the substantial shortening of
stage Il observed in the 10 vol pct alumina MMC rela-
tive to the unreinforced alloy. A further increase of p.
to 7.3 X 10" m™? in the 15 vol pct MMC results in a
comparatively insignificant increase in the Mg diffusiv-
ity, as evident from the nearly equal stage II in the two
composites.

Figure 10 shows the variation of electrical resistivity
during aging at 293 K of the control alloy and the 10
and 15 vol pct Al,O; composites. Essentially no change
in resistivity is observed in the control monolithic alloy
for the first 3000 seconds. After that, the resistivity rises
rapidly until about 15,000 seconds, followed by a slower
rise. The 10 vol pct composite shows a similar trend,
although the start of resistivity rise is accelerated to about
800 seconds. The subsequent slower rise of resistivity is
also accelerated relative to the monolith to approxi-
mately 9000 seconds. In contrast to the behavior exhib-
ited by the control alloy and the 10 vol pct composite,
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Fig. 10— The variation of electrical resistivity with aging time at
293 K for monolithic 6061 Al and the composites with 10 and 15 vol
pct Al,O; particulates. The rise in resistivity of the monolithic alloy
and the 10 vol pct MMC is associated with the nucleation and growth
of silicon clusters. No change in the resistivity occurs in the 15 vol
pct composite, since no nucleation of silicon clusters takes place dur-
ing aging at 293 K.
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the 15 vol pct composite shows no change in resistivity
at 293 K for 3 X 10° seconds.

Transmission electron microscopy observation of the
monolith and the 10 vol pct MMC aged for various times
showed that the resistivity change concurrent with aging
at 293 K is associated with the nucleation and growth of
silicon clusters. The initial period over which there is no
change in resistivity is representative of the incubation
time required for nucleation. During the subsequent rapid
rise in resistivity, prolific nucleation occurs in the ma-
trix. As site saturation occurs with increasing aging time,
little additional nucleation takes place and further pre-
cipitation of silicon becomes growth dominated, con-
comitant with the slower rise in resistivity. From the
above, it is evident that the nucleation of silicon clusters
is accelerated in the 10 vol pct composite due to a re-
duction of the incubation time. A similar effect has been
observed earlierf® on adding SiC whisker reinforcements
to aluminum alloy 2124. Little difference in the dura-
tions of the nucleation-dominated stage of the monolith
and the 10 vol pct MMC is observed in Figure 10, sug-
gesting that the nucleation rate per se is not accelerated
appreciably. The absence of any significant resistivity
change in the 15 vol pct MMC is attributable to the fact
that silicon clusters were formed almost instantaneously
on quenching, and the postquench aging at 293 K re-
sulted in no additional nucleation of Si clusters and little
additional growth. This is confirmed by the BF TEM
micrograph of the solutionized and as-quenched 15 vol
pct composite, showing silicon clusters densely popu-
lating the entire matrix (Figure 11). The clusters, the size
of which can only be estimated from the size of the strain
field around them, are observed to be relatively coarse
(~2 to 3 nm), suggesting that a significant degree of
growth has already occurred. The duration of the resis-
tivity test (~3 days) was not sufficient to cause the for-
mation of GP-I zones (and the concomitant rise in
resistivity), since it requires magnesium diffusion and is
therefore a very slow process at 293 K.

Fig. 11 —BF TEM micrograph of the solutionized and as-quenched
15 vol pct Al,O; composite matrix, showing relatively coarse silicon
clusters which formed during quenching.
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D. Differential Scanning Calorimetry

Figure 12 shows the DSC thermograms of the control
alloy, the 10 vol pct Al,O; composite, and the 15 vol
pct ALLO; composite after solutionizing and quenching.
The matrix compositions of the monolith and the com-
posite are listed in Table I. Four distinct exothermic peaks
(corresponding to precipitate formation processes) and
one endothermic dissolution peak are visible. Detailed
TEM characterization of these peaks is reported else-
where for the monolithic 6061 Al alloy.!" The first exo-
thermic peak, which occurs around 360 K, represents the
formation of silicon clusters. The second and third par-
tially overlapping exotherms, occurring between 460 and
610 K, represent the precipitation of the metastable tran-
sition phases. The second exotherm is actually an
unresolved doublet!"® associated with the formation of
near-spherical GP-I zones and needle-like GP-II zones
or 3”. The third exotherm represents the formation of
rod-like B’ precipitates, while the final exotherm, which
occurs around 760 K, represents the formation of the
equilibrium B platelets. The endotherm around 810 K is
associated with the dissolution of the 8 phase.

Several effects of adding reinforcements are evident
from Figure 12. First, the Si-cluster exotherm is seen to
become smaller upon addition of 10 vol pct AL,O; and
disappear completely when the reinforcement volume
percent is increased to 15. In Section III-C-2, it was
found that silicon clusters form in the 15 vol pct MMC
on quenching from the solutionizing temperature. No
further Si precipitation occurs during the DSC scan, re-
sulting in the disappearance of the peak. In the 10 vol
pct MMC, some Si clustering occurs on quenching, al-
though the majority of Si precipitates form during the
scan. This reduces the area under the peak, which is pro-
portional to the volume fraction of the precipitates form-
ing during the scan. No effect of reinforcements is
observed on the peak temperature associated with Si
clustering.

Second, by comparing the convoluted GP-I/GP-II zone
doublet (the second exothermic peak) for the control alloy
and the 10 vol pct composite, it is apparent that the rel-
ative proportion of GP-I zones in the doublet is larger in
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Fig. 12— DSC thermograms of the monolithic 6061 Al and the com-
posites with 10 and 15 vol pct Al,O; particulates in the solutionized
and as-quenched condition. The final endotherm represents B-phase
dissolution.
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the composite than in the monolith. In the 15 vol pct
composite, the GP-I zone and GP-1I zone (B") peaks
overlap completely. However, it is evident that the GP-1
zone phase is the predominant contributor to the unre-
solved doublet. This suggests that the relative proportion
of GP-I zones to GP-II zones increases with increasing
reinforcement volume fraction. The effect of reinforce-
ments on the peak temperature of GP-I or GP-II zones
is not readily quantifiable, although it appears that the
peak temperatures decrease with increasing reinforce-
ment content.

Third, it is evident from Figure 12 that the peak tem-
peratures for both B8’ and B formation decrease with
increasing alumina volume fraction, suggesting that the
presence of reinforcements accelerates the kinetics of
formation of these phases. Table II summarizes the peak
temperatures associated with the formation of various
phases in the monolith and the two composites. It is also
observed in Figure 12 that the sizes of the 8’ and S for-
mation peaks (which are proportional to the volume frac-
tions of the respective phases that form during the scan)
decrease with increasing reinforcement volume fraction.
This is especially true for the 8 phase, the volume frac-
tion of which decreases sharply with increasing alumina
content. This suggests that the presence of alumina par-
ticulates suppresses the transformation of the GP zones
to ' and B phases. It is well established that there is a
strain field associated with the formation of GP zones in
6061 Al, which gets progressively relieved as the zones
transform into the semicoherent 8’ and finally into the
incoherent B.1'6:2428) When dislocations are available for
precipitation, the coherent and semicoherent precipitates
in Al-Mg-Si alloys orient themselves such that the di-
rection of maximum strain coincides with the Burgers
vector of the host dislocation, thereby reducing the as-
sociated strain energy.'?”? In the composites, the high
matrix dislocation density allows a predominant fraction
of the precipitates to form at dislocations, thereby re-
lieving part of the strain associated with the process. It
is possible that this obviates the need to reduce strain
energy by the usual coherent — semicoherent — inco-
herent transformation, explaining the smaller 8’ and B8
volume fractions observed in the composites.

Figure 13 illustrates the effect of preaging for
1.5 hours at 298 and 313 K on the Si-cluster formation
peak of the 10 vol pct alumina composite. The response
of the monolith to preaging was similar and is reported
elsewhere.l'! It is seen that with greater preaging tem-
peratures, the Si-cluster peak shifts to higher tempera-
tures (7,) while the heat of reaction (AH) associated
with the peak decreases. The effect of preaging temper-
ature on T, and AHy in the monolithic control alloy and
the 10 vol pct composite is documented in Table III,
which also lists the Arrhenius activation energy (E,),
activation entropy (AS,), and free energy of activation
(AG,) associated with the formation of silicon clusters
during the DSC scan. The values of E,, AS,, and AG,
were calculated using the absolute reaction rate the-
ory,829 approximating silicon clustering from the
supersaturated solid solution as a first-order reaction. It
is evident from Table III that with preaging at higher
temperatures, the activation energy E, increases while
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Fig. 13-—DSC thermograms of the 10 vol pct AlL,O; containing com-
posite in the solutionized and as-quenched state (S + Q) and after
preaging for 1.5 hours at 298 and 313 K. The GP-I zone peak is
observed to disappear on preaging, which also decreases the size of
the Si-clustering peak and shifts it to higher temperatures.

Table I. Composition of the Control Alloy
and the Composite Matrices in Weight Percent
10 Vol Pct 15 Vol Pct
6061 Al MMC MMC
Silicon 0.63 0.67 0.62
Magnesium 0.85 0.66 0.60
Copper 0.24 0.26 0.22
Iron 0.45 0.26 0.24
Chromium 0.15 0.04 0.04
Manganese 0.11 0.03 0.03
Zinc 0.04 0.06 0.06
Titanium 0.04 0.03 0.03
Nickel <0.005 0.006 0.006
Others <0.15 — —
Aluminum bal. bal. bal.
Table II. Peak Temperatures (7,) of DSC Exotherms
6061 Al- 6061 Al-
10 Vol Pct 15 Vol Pct
Precipitates 6061 Al  Alumina Alumina
Si clusters 355K 355 K not present
GP-I zones * * *
GP-1I zones (B8") * * *
B’ 572 K 564 K 559 K
B 770 K 765 K 757 K

*Peak temperatures not discernible because of superposition.

the magnitude of the activation entropy AS, decreases.
The free energy of activation, AG,, is found to increase
with increasing preaging temperatures, suggesting that
AG, is controlled by the activation energy and not the
entropy. Both the control alloy and the 10 vol pct MMC
exhibit the same behavior. However, AHy and, there-
fore, the volume fraction of silicon clusters formed dur-
ing the DSC scan are considerably smaller in the 10 vol
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Table IIi. Effects of Reinforcement Addition and Preaging on Precipitation
AHg E, AH, AS, AG,
Material 7, (K) (J/mole) (kJ /mole) (kJ /mole) (J/K-mole) (kJ /mole)

6061 Al 355 63 33.10 30.14 —204 103.10
Sol. + Que. * 75 *+ 7.8 *+ 21 +6.2
6061 Al 363 58 43.70 40.74 —-174 104.40
298 K Age *11.2 *21.6 + 61 +4.0
6061 Al 369 50 46.44 43.43 —-172 105.14
313 K Age *13.1 *+13.1 + 44 *4.6
10 pct MMC 355 43 54.63 51.68 —143 102.66
Sol. + Que. *+12.0 +12.1 + 33 *+43
10 pct MMC 365 39 59.66 55.62 —136 104.80
298 K Age *14.3 *+14.5 * 40 +2.7
10 pct MMC 370 23 64.50 61.41 —-117 105.30
313 K Age *15.1 *+15.0 + 42 +1.86

pct composite than in the monolith for each preaging
condition. It is also observed that for each condition, E,
is appreciably larger for the composite than for the
monolith while the magnitude of AS, is smaller, ren-
dering AG, for both materials comparable.

In the monolithic alloy, nucleation of Si precipitates
occurs primarily on quenched-in vacancy loops, the den-
sity of which decrease with higher preaging temperatures
due to coalescence, growth, and possibly some annihi-
lation. This decreases the number of available nucleation
sites and the nucleation rate while increasing the incu-
bation time, causing the Si-cluster peak to shift to higher
temperatures during the scan. Higher preaging temper-
atures also result in some Si nucleation during preaging,
thereby reducing AH and the volume fraction of Si
formed during the DSC scan. Since the same trends are
observed in the 10 vol pct composite, it can be inferred
that a substantial fraction of the nucleation in the MMC
occurs on the quenched-in vacancy loops, although as
discussed earlier, the matrix dislocations also contribute
significantly to the nucleation process. If only the matrix
dislocations were responsible for nucleation in the MMC,
the observed rise in peak temperature due to the reduc-
tion in vacancy loop density would not have occurred in
the composite.

The smaller A Hp, for the solutionized and as-quenched
10 vol pct composite relative to the control alloy can be
attributed to the formation of some Si clusters in the MMC
during the quench, leaving a smaller volume fraction to
be formed during the DSC scan. Since the vacancy con-
centration in the composite is expected to be lower than
that in the monolith (because the higher matrix dislo-
cation density and the particulate-matrix interfaces in the
MMC provide more annihilation sites for vacancies), the
acceleration in the nucleation of Si clusters in the MMC
must be due to the presence of matrix dislocations which
act as sites for early nucleation. Therefore, it can be in-
ferred that during quenching, some Si clustering occurs
at the matrix dislocations which are already present. Ad-
ditional clustering during aging occurs predominantly at
the quenched-in vacancy loops present in the matrix.
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As noted earlier, the overall activation energy for Si
clustering (E,), which incorporates the activation ener-
gies for both nucleation and growth, is considerably
greater in the 10 vol pct composite than in the monolith
for each condition. The term E, represents the activation
energy for silicon clustering during the DSC scan, i.e.,
for clustering at vacancy loops. Since the composite ma-
trix is expected to have a considerably lower density of
vacancies than the monolith, the measured activation
energies for both nucleation and growth in the composite
are expected to be greater. This is because the reduced
vacancy concentration in the composite matrix decreases
the vacancy migration contribution to nucleation and
growth while increasing the contribution of substitu-
tional atom migration (which requires creation of vacan-
cies and therefore has a larger activation energy), resulting
in an increase in the measured value of E,. However, as
seen from Table III, the increase in E, with reinforce-
ment is accompanied by a decrease in the magnitude of
AS,, keeping AG, and hence the peak temperature T,
unchanged.

Figure 13 also shows that the GP-I zone formation peak
disappears on preaging, while the GP-1I zone (") exo-
therm gets enlarged. This indicates that preaging sup-
ports the formation of GP-II zones directly from Si clusters
without going through the intermediate GP-I zone. An
identical behavior was observed in the monolithic
6061 Al alloy, and it was inferred that the formations of
GP-I and GP-II zones from silicon clusters are parallel,
competitive processes.!'®) Preaging reduces the density
of quenched-in vacancy clusters which act as nucleation
sites for precipitates, as a result of which fewer, coarser
vacancy-silicon clusters are formed on subsequent aging.
These coarse silicon clusters apparently promote the for-
mation of the needle-like GP-1I zones (") in preference
to the near-spherical GP-1 zones which form only if the
silicon clusters are very fine. Since the same behavior
was observed in both the composite and the monolith,
it can be inferred that the presence of reinforcements
does not alter significantly the precipitation behavior
following preaging, although as discussed -earlier,
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reinforcements can have an appreciable effect on the va-
cancy concentration of the matrix.

IV. DISCUSSION

From Section I11, it is evident that the presence of alu-
mina particulates significantly increases the matrix dis-
location density of a 6061 Al matrix composite during
quenching from the solutionizing temperature. The in-
creased dislocation density results in a decrease of the
incubation time required for silicon-cluster nucleation.
The reduced incubation period leads to the formation of
a significant amount of silicon clusters during the
quenching process. The proportion of silicon clusters
formed during the quench depends on the matrix dislo-
cation density and hence the reinforcement volume frac-
tion. Quenched-in vacancy loops act as additional sites
for the nucleation of silicon clusters during subsequent
aging, depending on the degree of clustering that has
already occurred at the matrix dislocations during
quenching and the concentration of excess solute avail-
able for further clustering. In the 10 vol pct Al,O; com-
posite, some of the silicon clustering occurs during
quenching while the rest occurs during aging, while in
the 15 vol pct Al,O; composite, nearly all of the clus-
tering occurs during quenching. Thus, the nucleation of
precipitates in a 6061 Al matrix composite takes place
on two different kinds of sites: (A) matrix dislocations
generated as a result of the CTE difference between the
matrix and the reinforcement and (B) quenched-in va-
cancy loops. A higher reinforcement content increases
nucleation on the A site and decreases the concentration
of the B sites, thereby decreasing the contribution of the
B sites to the overall nucleation process.

During subsequent aging, magnesium atoms diffuse to
and segregate at the already present silicon clusters,
forming the transition phases (GPZ-1, 8", and 8'). While
the presence of a large number of matrix dislocations
increases the pipe diffusion component of the apparent
diffusivity, the lattice diffusion component decreases be-
cause of the smaller vacancy concentration in the highly
dislocated matrix. At the usual aging temperatures (which
are relatively low for aluminum alloys, i.e., <473 K),
pipe diffusion dominates and the overall diffusivity of
magnesium increases with increasing matrix dislocation
density and reinforcement volume fraction. This accel-
erates the precipitation process, the acceleration being
more evident for precipitates with high magnesium con-
tent (i.e., B’ and B-Mg,Si). This is supported by the
abatement of stage II of the resistivity change with alu-
mina addition during isothermal aging at 473 K as well
as by the decrease in 8’ and 8 peak temperatures with
increased reinforcement content during nonisothermal
aging in the DSC. Thus, in addition to nucleation, pre-
cipitate growth is also accelerated due to the presence of
alumina reinforcements.

Besides altering the kinetics of precipitation, the ad-
dition of alumina particulate reinforcements appears to
alter the relative proportions of the various phases formed
in the matrix alloy during aging. Reinforcements seem
to stabilize the GP zones, thereby reducing the volume
fractions of B’ and B formed, especially at higher rein-
forcement contents. As discussed earlier, one reason for
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this effect might be dislocation-aided relief of the matrix
strain associated with the early precipitates. Addition-
ally, the diffusion of Mg and its subsequent incorpora-
tion into the reinforcement at the Al,O;-Al interface might
also result in Mg depletion from the matrix, accounting
for the reduced B’ and B peak sizes. Magnesium incor-
poration into interfacial alumina to form MgAl,O, has
been observed in graphite fiber-reinforced 6061 Al com-
posites.*? Part of the reduction in the volume fractions
of B’ and B formed during the DSC scans might also
stem from the reduced magnesium content in the com-
posite matrices relative to the control monolithic alloy
(Table I). However, it is unlikely that the relatively small
difference in the magnesium contents of the 10 and
15 vol pct Al,O, composites could be responsible for the
entire difference in the B’ and B peak sizes observed
between the two materials in Figure 12. Reduction in the
B’ and B peak sizes due to reinforcement addition has
also been observed in an earlier study on P/M processed
SiC,-6061 Al composites.!” This decrease was attrib-
uted to the decrease in the density of quenched-in va-
cancies which are necessary for nucleation and for
enhancing growth at low temperatures. This explanation,
however, does not account for the substantial amount of
early nucleation that occurs on the thermally generated
matrix dislocations during the quenching process nor does
it explain the increase in the volume fraction of the GP-I
zone precipitates observed due to increasing alumina
content in the cast composites used in the present study
(Figure 12). Furthermore, as evident from the results of
the resistivity measurements, solute diffusivity and hence
precipitate growth rate are significantly enhanced due to
the presence of reinforcements, at least at 473 K
(Figure 8). Since both the 8’ and B peaks occur at tem-
peratures well above 500 K (Figure 12), it is unlikely
that slow solute diffusivity is responsible for the reduced
volume fractions of these phases obtained in the present
composites. Therefore, it is proposed that dislocation-
aided strain relief via appropriate precipitate-dislocation
orientation and the consequent stabilization of transition
precipitates are responsible for the smaller volume frac-
tions of the B’ and B precipitates observed in the present
MMCs.

Although both preaging and reinforcement addition
reduce the vacancy concentration in the matrix, their ef-
fects on the aging behavior of the composite are very
different. Both preaging and reinforcement addition re-
sult in the reduction of the volume fraction of silicon
clusters formed during the DSC scan. However, while
preaging increases the peak temperature (7,) for silicon
clustering, reinforcements have no effect on 7. In ad-
dition, the presence of reinforcements increases the amount
of GP-I zones, whereas preaging suppresses GP-I zone
precipitation. While the primary effect of preaging is to
slow nucleation by reducing the density of nucleation
sites, the principal effects of reinforcement addition are
to accelerate nucleation by reducing incubation time and
enhance growth by providing numerous dislocations for
pipe diffusion. Reinforcement addition is also expected
to reduce the vacancy concentration in the matrix some-
what, although any effect of this on the precipitation be-
havior was found to be relatively small in the present
materials.
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V. CONCLUSIONS

The CTE mismatch between alumina and aluminum
alloy 6061 results in a substantial increase of the matrix
dislocation density due to the addition of 10 vol pct ALO,
particulates. The addition of 15 vol pct alumina in-
creased the dislocation density slightly more. Concurrent
with this increased dislocation density, the time to peak
hardness of the composites decreased with increasing re-
inforcement content.

Resistivity measurements revealed that the presence of
alumina particulates accelerates both nucleation and
growth of precipitates. Nucleation is enhanced primarily
due to a reduction of the incubation time for silicon clus-
tering, while growth is enhanced due to the increased
solute diffusivity in the composite matrices. Both can be
attributed to the increased density of thermally generated
dislocations in the composites, which serve as sites for
early nucleation and short circuit paths for solute diffusion.

Precipitate nucleation in the composite matrices was
found to occur on two kinds of sites: dislocations gen-
erated as a result of the CTE mismatch between the ma-
trix and the reinforcements and quenched-in vacancy
loops. Only nucleation on the first type of sites was found
to be accelerated. Reinforcement addition had little ef-
fect on the kinetics of nucleation at vacancy loops, as
evident from the relatively constant peak temperature of
the DSC exotherm for Si clustering.

Precipitate growth rate was found to be significantly
accelerated, this acceleration being more evident for the
more mature precipitates in the aging sequence (8’ and
B). This suggests that matrix dislocations appreciably
enhance the diffusivity of magnesium in the matrix.

The addition of alumina reinforcements affects not only
the precipitation kinetics, but also the relative amounts
of the various phases present. Reinforcement addition
was found to increase the volume fraction of GP-I zones
while suppressing the formation of the 8’ and 8 phases.
A plausible explanation is that because of the high dis-
location density in the composites, the early precipitates,
which are coherent with the matrix, can orient them-
selves relative to the dislocations so as to reduce the as-
sociated strain energy. This would stabilize these coherent
precipitates and reduce the volume fraction of the semi-
coherent B’ and incoherent B phases.

While both preaging and reinforcement addition de-
crease the vacancy concentration in the matrix and both
result in the formation of some silicon clusters prior to
aging, their effects on the precipitation behavior are sig-
nificantly different. This suggests that the addition of
alumina reinforcements has a more profound effect on
the aging behavior of age hardenable aluminum matrix
composites than just the acceleration of precipitation
kinetics.
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