
J. Mater. Eng. (1988) 10:143-162 �9 1988 Springer-Verlag New York Inc. 

Physical Metallurgy of Nickel-Base 
Alloys as It Relates to Corrosion 

R.M.  Latan i s ion  

A b s t r a c t .  In service environments ranging from high purity water to deep sour gas, the 
corrosion and embrittlement characteristics of nickel-base alloys have been found to be in- 
timately related to the physical metallurgy of the alloys. Intergranular corrosion, stress cor- 
rosion cracking, corrosion fatigue, and hydrogen embrittlement have been associated with, 
for example, grain boundary microstructure and microchemistry, solute segregation, ordering 
phenomena, and so on. This presentation will treat each of the abovementioned issues, and, 
in addition, consider improvements in corrosion resistance that may be expected through ad- 
vanced processing, such as rapid solidification technology (RST). 

1. I N T R O D U C T I O N  

Physical metallurgy is that part of metallurgy that deals 
primarily with the evolution of microstructure, the 
corresponding s t ructure-proper ty  relationships, the 
application and performance of  metals and alloys un- 
der service conditions. It is, however,  also much con- 
cerned with the relationship between processing and 
structure since all forms of  processing strongly affect 
structure. 

In service environments ranging from high purity 
water to deep corrosive sour gas, the corrosion and 
embrittlement characteristics of  nickel-base alloys have 
been found to be intimately related, if  however in- 
competely understood in many  instances, to the phys- 
ical metallurgy of  the alloys. In this paper, a generic 
discussion of  such s t ructure-proper ty  relations will be 
presented by means of  examples  drawn by and large 
f rom work performed over  a period of several years 
at MIT on topics such as intergranular corrosion, stress 
corrosion cracking, corrosion fatigue, and hydrogen 
embrittlement. While there is, of  course, correspond- 
ing work performed elsewhere,  the objective in this 
case is not to present an exhaustive review but, rather, 
to illustrate in a generic sense the role of  physical 
metallurgy in the corrosion behavior of  nickel-base 
alloys. Finally, consideration will also be given to the 
opportunity presented by advanced processing tech- 
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nologies, in particular rapid solidification processing, 
on improving the corrosion resistance of nickel-base 
alloys through control of  alloy composit ion and mi-  
crostructure in ways that are not tractable by more 
conventional (equilibrium) processing technologies. 

2. T H E  I N F L U E N C E  O F  T H E R M A L  
T R E A T M E N T  ON C H E M I S T R Y  AND 
S T R U C T U R E  O F  G R A I N  B O U N D A R I E S  IN  
N I C K E L - B A S E  A L L O Y S :  
I N T E R G R A N U L A R  C O R R O S I O N  

2 . 1  A g i n g  T r e a t m e n t s  at  E l e v a t e d  
T e m p e r a t u r e s  
In this discussion, attention will be focused largely 
on Inconel 600, although similar phenomenology ap- 
plies to other nickel-base and iron-base alloys as well. 
Alloy 600, a nickel-base alloy containing approxi- 
mately 75 wt% nickel and 15 wt% chromium, is used 
extensively for pressurized water reactor (PWR) steam 
generator tubing. Because of  its critical application in 
a high temperature aqueous environment,  a great deal 
of  interest has been focused on the effects that vari- 
ations in thermal processing have on this alloy and its 
ability to resist environmental  degradation at high 
temperatures.  Particular emphasis  has been placed on 
the chemistry that exists at or near grain boundaries. 
Carbide precipitation during thermal treatment can re- 
sult in local chromium depletion and an accompany-  
ing degradation in corrosion resistance. A detailed 
microstructural study of age hardenable Inconel X-750 
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has been performed at MIT in relation to fatigue crack 
growth in boiling water reactor (BWR) environments 
and was presented at the ASM Conference on Cor- 
rosion of  Nickel Base Alloys by Ballinger [1]. 

Three important processes occur during aging of 
Inconel 600 at temperatures between 500 and 800 ~ C: 
Chromium carbides in the form of  M23C 6 o r  M 7 C  3 pre- 
cipitate at grain boundaries and this is accompanied 
by chromium depletion in the surrounding matrix. 
Similar sensitizing thermal treatments lead to inter- 
granular corrosion in austenitic stainless steels. In ad- 
dition, trace elements such as P, S, B, and Ti may 
segregate to the grain boundaries. These processes have 
been studied extensively by Was et al. [2] and the 
following is a summary of  these findings. The paper 
by Thompson [3] considers as well the physical met- 
allurgy of  dispersion hardening and precipitat ion 
strengthening alloys not treated in the present paper. 

Chromium carbides precipitate initially at grain 
boundaries. The diffusivity of  carbon, which travels 
as an interstitial, is much higher than that of  chro- 
mium which must diffuse substitutionally. This dif- 
ference in diffusivities permits the formation of  chro- 
mium carbides which then produces a chromium- 
depleted region surrounding the grain boundary. The 
extent of  depletion is dependent upon such variables 
as temperature, time, and carbon content. The effects 
of  these variables on the precipitation reaction can be 
illustrated in a time-temperature-transformation (TIT)  
diagram as shown in the schematic in Figure 1. 

At any temperature, as time progresses, chromium 
replenishment (desensitization) of  the grain boundary 
eliminates the depleted zone, and grain boundary car- 
bides undergo restructuring to form more discrete par- 
ticles. After long aging times, the chromium-depleted 
zone has been replenished, and any further carbide 
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Fig .  l .  Schematic of carbide precipitation diagram for [n- 
conel 600 [2]. 

precipitation will occur within the grains. Hence the 
presence of grain boundary carbides is a necessary, 
but not a sufficient, condition for the occurrence of  
chromium depletion. 

Considerable data exist in the literature document- 
ing the segregation of  impurities to surfaces and grain 
boundaries of  Inconel 600 during thermal treating. 
However,  the role of  these impurities is the subject 
of considerable debate. Their presence has been linked 
to hydrogen embritt lement as well as to increased in- 
tergranular corrosion susceptibility. The first sugges- 
tion that such impurities act as hydrogen recombina- 
tion poisons, thus stimulating hydrogen absorption at 
segregated grain boundaries, was made by Latanision 
and Opperhauser [4]. Armijo [5], Vermilyea et al. [6], 
and Brown [7] have shown that phosphorus and sil- 
icon can enhance intergranular corrosion in Inconel 
600 and austenitic stainless steels. Guttmann claims 
that intergranular corrosion, which could not be due 
to the presence of  a chromium-depleted zone (e.g.,  
in nonsensitized stainless steels), is due to grain 
boundary segregation of  trace elements [8]. 

The thermomechanical processing schedule for In- 
conel 600 steam generator tubing varies considerably 
among the various suppliers and, in addition, with time 
of initial service. Prior to 1978, most steam generator 
tubing was placed into service in a "mill annealed" 
condition. This tubing was representative of  standard 
fabrication practice, and little or no attempt was made 
to optimize the microstructure with respect to in-plant 
performance. 

Starting approximately in 1978 attempts have been 
made to optimize performance by microstructural 
modif icat ion.  Micros t ruc tu ra l  opt imiza t ion  was 
achieved through thermal treatment after the final an- 
neal to homogenize the grain boundary chromium 
concentration that was initially perturbed by carbide 
precipitation. A thermal treatment consisting of an age 
of approximately 15 h at approximately 700 ~ C is rep- 
resentative of  one such approach. 

The results of  the study of Was et al. [2] represent 
the first direct evidence of  chromium depletion in In- 
conel 600 as a function of  thermal treatment and are 
shown in Figures 2, 3, and 4. This work examined 
what may be called a solution anneal and sensitization 
(SAS) thermal treatment. All specimens were solution 
annealed at 1100 ~ C for 30 min, water quenched, and 
then aged at various temperatures. Figure 2 is a scan- 
ning transmission electron micrograph of  a specimen 
aged 100 h at 700 ~ C. A temperature of  700 ~ C was 
selected as the thermal treatment temperature for sev- 
eral reasons. First, 700 ~ C falls on the approach to the 
nose of the TTT curve allowing better control of  the 
time marking the onset of  precipitation. Second, at 
this temperature the entire chronological process out- 
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Fig. 2. STEM micrograph showing electron beam trace 
across a grain boundary and between carbides in a sample 
of Inconel 600 solution annealed at ]000 ~ C for 0.5 h, water 
quenched, and subsequently aged at 700 ~ C for ]00 h [2]. 

lined above is complete in a reasonable amount of 
time (<100 h). Third, 700 ~ C is a temperature at which 
grain boundary segregation of  important trace ele- 
ments,  phosphorus and sulfur, has been shown to oc- 
cur. Finally, at least one U.S.  steam generator vendor 
thermally treats tubing at 700~  for approximately 
15 h before placement  in service, as described earlier. 

The carbides in Figure 2 are spaced some 2000 A 
apart. The small dark circular spots are produced by 
contamination as the electron beam is stepped across 
the grain boundary between carbide particles, thereby 
allowing energy dispersive x-ray analysis of  the grain 
boundary chemistry.  Figure 3 shows a typical plot of 
the concentrations of  chromium, iron, and nickel across 
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Fig. 3. Grain boundary chemistry of  ]nconel 600 aged for 
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Fig. 4. Grain boundary chromium depletion in Inconel 600 
aged for various times at 700 ~ C following solution anneal 
and water quench [2]. 

a grain boundary in a sample thermally treated for 5 h 
at 700 ~ C following a 30 min anneal at 1100 ~ C. The 
horizontal dashed lines refer to the bulk concentra- 
tions of  the respective elements as determined by 
chemical analysis. The concentrations calculated from 
STEM (Scanning Transmission Electron Microscope)  
analysis agree well with the chemical analysis at dis- 
tances away f rom the depleted zone. One should also 
note that a decrease in chromium concentration is 
compensated by an increase in both iron and nickel 
concentrations with the larger contribution coming from 
nickel. It has been suggested that the decreased sus- 
ceptibility to intergranular stress corrosion cracking in 
caustics may  be associated with the increased grain 
boundary Ni content. 

The chronological development  of  the chromium 
depleted zone is shown in Figure 4 for thermal treat- 
ments ranging f rom 0.5 to 100 h. Note that as the 
aging t ime increases, so does the width (and hence,  
volume) of  the depleted zone. The m a x i m u m  deple- 
tion is reached after 10 h at 700 ~ C after which the 
depletion diminishes and the zone widens. After 100 h, 
the width of  the depleted zone extends to approxi-  
mately 1/30 of  a grain diameter. This is the longest 
thermal treatment analyzed and by this t ime the pre- 
cipitation (and, hence, depletion) process is complete  
and only redistribution will occur with further aging 
until the bulk chromium level becomes uniform (and 
below the original level) throughout each grain, that 
is, a condition which may be described as that of  a 
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desensitized microstructure. After this amount of  time, 
precipitates have formed on the grain boundaries, twin 
boundaries, and dislocation pile-ups. From Figure 4, 
the minimum chromium content occurs after approx- 
imately 10 h at 700 ~ C and results in a chromium con- 
centration at the grain boundary of  3.3 wt%. 

With respect to solute segregation in thermally 
treated Inconel 600, Was et al. [2] found that phos- 
phorus exhibited the most  consistent and reproducible 
behavior,  appearing only on intergranular surfaces of  
samples thermally treated for 0.5 h or more. Figure 
5 is a collage showing the distribution of phosphorus 
between intergranular and transgranular surfaces us- 
ing an Auger line scan, an area map,  and spot anal- 
yses. Note the precipitous drop in concentration where 
the line scan crosses the interface between inter- and 
transgranular surfaces. The intensity and density of 
white dots on the Auger  map indicates that phospho- 
rus is present only on the intergranular facets. Ob- 
serve also from the spot analyses,  the characteristic 
occurrence of high P and low S contents on inter- 
granular facets (top scan) and high S and no P on 
transgranular facets (bottom scan) after 10 h at 700 ~ C. 
In short, except for P, the grain boundaries in Inconel 
600 are not exclusive sinks for trace element segre- 
gation at 700 ~ C. 

Figure 6 illustrates the dependence of the inter- 
granular corrosion susceptibility of  Inconel 600 on 
thermal treatment as determined by the Huey (boiling 
HNO3) and Streicher tests (boiling H z S O  4 and Fez 
( 5 0 4 ) 3 ) .  The highest corrosion rate occurs after aging 
for 10 h at 700 ~ C which corresponds,  as mentioned 
above,  to the max imum chromium depletion, al- 
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Fig.  6.  Intergranular corrosion o f  Inconel 600  as a function 
of  thermal treatment as measured by the Huey and Streicher 
tests [2]. 

though the results of  this work suggest that prefer- 
ential corrosion at grain boundaries occurs when the 
chromium level falls below 9%. This value is also the 
self-healing level of  chromium in Inconel 600. Since 
the intergranular corrosion rate varied radically as a 
function of  thermal treatment, whereas the grain 
boundary concentration of  these elements did not, it 
is most  likely that the intergranular corrosion behavior 
is a result of  chromium depletion rather than impurity 
segregation. But since this segregation was rarely 
present without chromium depletion, Guttmann's claim 
[8] that intergranular corrosion in nonsensitized In- 
conel 600 is due to segregation of phosphorus and 
silicon to grain boundaries can neither be substanti- 
ated nor refuted by these results. Others, [9-11]  in- 
cluding Jones et al. [9], have examined the inter- 
granular corrosion of nickel [9] and iron-based stainless 
steels [10,11]. In the latter, it is found that segregated 
phosphorus does lead to intergranular corrosion of  
nonsensitized [ 10] and sensitized [ 11 ] austenitic stain- 
less steel in highly oxidizing media.  

Fig. 5. Phosphorus concentration on inter- and transgran- 
ular fracture facets using an Auger line scan (top left), area 
map (bottom left), and spot analyses (right). The phospho- 
rus concentration increases from left to right in the line scan 
[2]. 

2 . 2  L o w  T e m p e r a t u r e  A g i n g  
As described above,  the kinetics of  the grain bound- 
ary chromium depletion process has been studied for 
both iron- and nickel-base alloys and has been found 
to be driven by the formation of  chromium carbides. 
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As carbides nucleate and grow, they act as sinks for 
the surrounding chromium. This results in a zone ad- 
jacent to the grain boundaries that is depleted in chro- 
mium. The initial reaction occurs quickly at 700~  
and leaves this region chromium poor. As the car- 
bides grow, however ,  their rate of  growth decreases 
with the decline in the activity of carbon. Eventually, 
chromium will diffuse back into the depleted region 
and homogenize  or desensitize the material. For aging 
at 700 ~ C, depletion and subsequent homogenization 
of chromium may  take a day to occur, while at lower 
temperatures the process can take substantially longer. 

The operating temperature that Inconel 600 tubing 
experiences in service in light water reactors is ap- 
proximately 315 ~ C. Although this temperature is quite 
low with respect to the kinetics of  the chromium de- 
pletion process,  the long service life, approximately 
50 years, has raised questions as to whether material 
which is susceptible to chromium depletion will ex- 
perience this effect  while in service. There is con- 
flicting evidence regarding the answer to this question 
in the literature. Low temperature aging studies on 
Inconel 600 have,  for some studies, shown little evi- 
dence of chromium depletion for aging times up to 
15,000 h. Airey [12] aged several different heats of 
mill-annealed material and found that for tubing aged 
be low 480 ~ C,  no subs tant ia l  deple t ion  in grain 
boundary chromium could be found as indicated by a 
boiling nitric acid test. This result is in contrast with 
the work by Ljungberg [13]. Ljungberg's work on 304 
stainless steel suggests that, given a proper prior treat- 
ment to induce carbide nucleation, subsequent low 
temperature aging will result in additional chromium 
depletion. He found that a thermal pretreatment of  
800~ for 1 h was sufficient to induce carbide nu- 
cleation in his material.  His results implied that in 
order for significant depletion of chromium to occur 
at low temperatures, the material must have been given 
a prior treatment to "seed" the grain boundaries with 
small carbide nuclei. Under  these circumstances sub- 
sequent further precipitation and growth with accom- 
panying chromium depletion is likely during lower 
temperature aging. 

As a result of  the aforementioned concerns, we have 
undertaken a study [14] to evaluate the susceptibility 
of  Inconel 600 to grain boundary sensitization when 
aged at temperatures ranging from 300 to 600 ~ C. 
Specimens of  lnconel 600 in the mill annealed and 
thermally treated (aged additionally at 700 ~ C for 15 h 
after the mill anneal) were examined. The carbide 
morphology of  both specimens appeared similar: a 
semi-continuous grain boundary network with addi- 
tional intragranular carbide precipitates. However, the 
response of  the two initial conditions, mill annealed 
and thermally treated, to subsequent thermal aging was 

quite different. The thermally treated material did not 
respond at all to a modif ied Huey test while the mill 
annealed material did. The thermally treated material  
exhibited a weighted loss of  0.004 m g / c m 2 / d a y  in- 
dependent of  thermal aging, while for the mill an- 
nealed materials weight loss was a function of  aging 
t ime and temperature.  Figure 7 shows the results o f  
the aging study for the mill annealed material in the 
form of a T I T  diagram. Corrosion values in m g / c m 2 /  
day are listed below each symbol.  The degree of  in- 
tergranular attack (IGA) was determined by section- 
ing each sample after the test and evaluating the de- 
gree of  penetration with a light microscope at 100 •  
Partial IGA was defined as a penetration depth of  ap- 
proximately one grain. 

The mill annealed material  exhibited a baseline 
weight loss of  approximately 0 . 4 - 0 . 6  m g / c m 2 / d a y .  
In addition, the peak in weight loss occurred for an 
aging treatment of  500 ~ C for 100 h. For aging treat- 
ments above this temperature no additional weight loss 
beyond the baseline was observed. For aging below 
500 ~ C the trend was for weight loss to increase with 
t ime with an absence of  the peaked behavior observed 
for the 500 ~ C aging. Figure 8 shows micrographs of  
the mill annealed material after the following treat- 
ments: (a) aging at 300 ~ C for 10,000 h; (b) unaged; 
(c) solution treated at 1150~ for 15 rain. When  
compared to the unaged and solution treated mate-  
rials, there is clear evidence of intergranular corrosion 
when mill annealed Inconel 600 is aged at 300 ~ C for 
10,000 h. In general,  an increased degree of  IGA as 
indicated by corrosion tests corresponded to a de- 
crease in grain boundary chromium concentration as 
observed by STEM (Table 1). 

For all but one case the level of  grain boundary 
chromium concentrations was found to be signifi- 
cantly below the bulk chromium concentration. The 
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Fig. 7. TTT diagram for mill annealed Inconel 600 which 
has been aged. Partial IGA is attack which is one grain or 
less deep [14]. 
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Fig. 8. Micrographs of mill annealed Inconel 600 after (a) 
aging at 300 ~ C for 10,000 h; (b) unaged; and (c) solution 
treated at 1150 ~ C for 15 min [14]. 

parameter f l u  f in Table 1 is the ratio of  the difference 
between mean grain boundary and matrix chromium 
concentrations, f ,  and the standard deviation o f f ,  u I. 
The parameter  is a measure of  the overlap between 
the boundary and matrix distributions, assuming nor- 
mal behavior. For the sample that exhibited the most 
severe IGA in the nitric acid test, the degree of  chro- 

mium depletion was also found to be greatest. Un- 
aged mill annealed material  was also found to have a 
slightly depressed level of  grain boundary chromium, 
but significantly above the aged material. The sample 
aged at 300 ~ C for 10,000 h showed grain boundary 
chromium concentrations well  below that of  the ma- 
trix and significantly below that o f  the unaged ma- 
terial. Data for this sample were taken f rom over  100 
grain boundaries. The implication,  therefore, is that 
for chromium levels below 12% the material will be- 
come susceptible to IGA in a standard test, the Huey 
test. 

There is, however,  evidence,  as mentioned earlier, 
that segregated phosphorus will cause an increase in 
the IGA of Inconel 600. Auger  electron spectroscopy 
(AES) was used to study grain boundary phosphorus 
levels of  Inconel 600 specimens fractured in the Au- 
ger spectrometer chamber.  Evidence of  grain bound- 
ary phosphorus did exist, at levels of  up to 2.5%. 
However,  the concentration of  phosphorus at grain 
boundaries remained at the levels typical of  mill an- 
nealed material in the unaged condition regardless of  
the aging temperature. This was to be expected, since 
the diffusion of  phosphorus below 500 ~ C is very slow. 
Using the data by Gut tman [8] and extrapolating to 
300 ~ C, the diffusion coefficient o f  phosphorus is on 
the order of  10 -24 m2/s. Significant diffusion of  phos- 
phorus to the grain boundaries would be a very slow 
process, and unlikely in 10,000 h. In this case, in- 
creased attack in the nitric acid test for the mill an- 
nealed material that had been aged for 10,000 h at 
300 ~ C cannot be due to a change in the phosphorus 
concentration, but is more likely due to a drop in the 
grain boundary chromium level. 

The aforementioned behavior  may be understood 
using the model of  Stawstrom and Hilbert [15] which 
describes the thermodynamics  of  carbide growth. In 
their work, it is assumed that the growth of  the car- 
bide is controlled by the local equilibrium at the car- 
bide/austenite interface. In this case the concentra- 
tion of chromium and carbon at the interface are 
determined by the activity of  carbon. The conditions 
at the interface are thus uniquely defined by the 
carbon activity. As the carbides begin to precipitate 
at the grain boundaries,  the local carbon activity 
diminishes. The initial concentration of chromium 
drops significantly due to formation of the carbides, 
prompting chromium to diffuse to the growing car- 
bide. According to Hilbert,  the material is assumed 
to become sensitive to an oxidizing environment once 
the width of the depleted zone reaches a critical value 
of 200/~.  

I f  the processes are stopped and allowed to con- 
tinue at a lower temperature,  as would be the case for 
the in-service situation, the activity of  carbon will be 
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Table 1. STEM analysis of Inconel 600 tubing as a function of aging treatment [14] 

Aging Treatment 

STEM Analysis a 

Nitric Acid Test GB Matrix f/try 

As received 
500 ~ C 100 h 
400 ~ C 2250 h 
300 ~ C 5000 h 
300 ~ C 10000 h 

Etch 13. - 0.8 14.1 --_ 0.4 1.11 
Heavy attack 11.5 + 0.8 14.1 - 0.4 2.89 
Light attack 12.7 • 1.1 13.8 - 0.8 0.786 
Etch 13.2 + 1.3 14.1 • 0.3 0.692 
Light attack 12.7 • 0.6 14.1 • 0.2 2.33 

"Percentages listed are in weight percent. 

initially higher and the interface chromium will tend 
to fall accordingly. Precipitation and depletion con- 
tinues, except now at the lower temperature the char- 
acteristics of  the chromium-depleted zone are con- 
trolled by the diffusion of  chromium. The process thus 
takes much longer. Assuming a diffusion coefficient 
of 10 -24 cmE/s for chromium in Inconel 600 at 300 ~ C, 
the time needed to reach sufficient depletion for a re- 
sponse from the nitric acid test would take many years. 
This does not mean, however,  that depletion is not 
occurring on a scale that would be detected by more 
sensitive means such as STEM. 

Raising the aging temperature would result in a de- 
crease in the carbon activity. No new depletion would 
occur and healing would continue and take less time 
since the diffusion coefficient of  chromium would be 
higher at the higher temperature. 

This scenario of  events is in agreement with the 
model proposed by Stawstrom and Hilbert for chro- 
mium depletion. Whether a material will continue to 
undergo depletion and precipitation depends on the 
initial state of  the grain boundaries; hence the pre- 
vious processing history, prior to aging. The effect of 
low temperature aging will thus only be observed for 
material whose boundaries have been preconditioned 
by a prior age at higher temperature of sufficient length 
to cause carbide nucleation and growth but minimal 
healing. For these conditions, chromium depletion can 
occur at low temperature in relatively short periods of 
time. The results of  this study are in agreement with 
the conclusion of  Ljundberg [13] in that the effect of 
low temperature aging can only be in evidence when 
the material is given a heat treatment that will induce 
the low temperature effect. The material used in this 
study was partially depleted at the outset, and sub- 
sequent aging produced the increased grain boundary 
dissolution in the nitric acid test. 

3. E N V I R O N M E N T A L L Y - I N D U C E D  
E M B R I T T L E M E N T  O F  N-BASE A L L O Y S  

Physical metallurgy plays an intimate role in the en- 
vironmentally induced embrittlement of  nickel-base 

alloys, although, however, our understanding of this 
important structure-property relationship is far from 
complete. Current reviews of  stress corrosion crack- 
ing [16,17], corrosion fatigue [18], and hydrogen 
embrittlement [19] of  nickel-base alloys is given. As 
such, no attempt will be given here to examine each 
of  these complex topics in detail, but short summaries 
follow. 

3 . 1  C o r r o s i o n  F a t i g u e  
Fatigue crack growth of  nickel-base alloys in aqueous 
systems is relatively less studied than other forms of  
embrittlement. There is, however, some incentive to 
pursue this issue from the point of  view of  nuclear 
systems. The conditions in a steam generator are such 
that a tube may be subjected to fatigue from fluid flow, 
thermal stresses, and pressure fluctuations. This leads 
to load cycles that may vary in frequency from 102S - l  

(flow vibrations) to 10-Ts -~ (shutdown-startup asso- 
ciated loads). With nearly sixty miles of tubing per 
steam generator, the presence of  flaws prior to startup 
is inevitable. Combined with an aggressive environ- 
ment and a susceptible microstructure, considerable 
enhancement of  the fatigue crack growth rate may re- 
sult. 

Since the Inconel 600 tubes in present-day steam 
generators pass through carbon steel support plates, a 
galvanic cell may be established upon contact. Al- 
though the local environment in a steam generator may 
vary significantly, the possibility exists that at oper- 
ating temperatures and pressures the Inconel 600 tube 
is cathodic relative to the carbon steel support plate. 
At room temperature, Inconel 600 is cathodic relative 
to carbon steel and the reduction of  protons to form 
atomic hydrogen on the tube surface is the likely ca- 
thodic reaction, particularly in deaerated water. Ad- 
sorbed atomic hydrogen can either combine to form 
molecular hydrogen, or become absorbed into the 
metal. This uncombined or atomic hydrogen may be 
a possible source of  embrittlement. 

Was et al. [20] have examined the fatigue crack 
growth of  Inconel 600 as a function of  applied po- 
tential, test frequency, and prior thermal history in 
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aqueous H2SOr under conditions of  ambient  temper- 
ature and pressure. At an applied cathodic potential 
of  - 7 0 0  m V  (Saturated Calomel Electrode (SCE)), 
in 1 N H 2 5 0 4 ,  a decrease in test frequency produces 
an increase in crack growth, d a / d N ,  while a thermal 
treatment of  700 ~ C for 0.5 h or more following so- 
lution annealing produces intergranular fracture at low 
AK. Intergranular cracking of  annealed samples was 
observed only after precharging with cathodically 
produced hydrogen. The enhanced fatigue crack growth 
(FCG) rate and tendency for intergranular cracking 
are mutually exclusive effects in that test frequencies 
between 1 and 10 Hz do not affect the fracture mode, 
and thermal treatment at 700 ~ C for 0.5 to 100 h does 
not affect crack growth rate. The latter is shown in 
Figure 9. A variety of  thermal treatments were ex- 
amined under the same conditions to assess their ef- 
fect on FCG rate. Figure 9 shows that there is essen- 
tially no difference between the crack growth rate in 
annealed specimens and those thermally treated for 
0.5,  10, and 100 h at 700 ~ C (A0.5,  A10, A100,  re- 
spectively). These thermal treatments span the spec- 
trum of  grain boundary conditions f rom clean (an- 
nealed) to highly sensitized (10 h), to healed or 
desensitized (100 h). The fatigue crack growth rates 

10 4 

Stress Intensity Factor Range, AK (MPa ~m) 

20 30 40 50 60 70 80 9 0 1 0 0  

show very little difference in magnitude in the range 
33 < A K  < 55 MPa  V ~ .  

The fracture surfaces of  all thermally treated spec- 
imens tested at cathodic potentials was characterized 
by intergranular fracture at low AK, followed by 
transgranular fracture at higher AK. Figure 10 shows 
a FCG curve with a superimposed fracture surface 
sketch and fractographic display. This specimen was 
in the A10 condition and tested at 1 Hz,  - 7 0 0  mV 
(SCE) and R = 0.05. The bowed shape of  the front 
delineating the regions between mixed mode fracture 
and purely transgranular fracture indicates that poten- 
tial control was lost first at the center of  the specimen. 
As the crack growth rate and AK increase, the fracture 
mode gradually changes to transgranular across the 
entire cross section. It should be noted that the tran- 
sition from intergranular to transgranular is not sharply 
defined but occurs gradually over  a distance of  per- 
haps 1 mm.  The transition lines have been drawn at 
an intermediate position. 

In summary,  the following observations have been 
documented: 

1. Acceleration of  the fatigue crack growth rate as 
the frequency decreases when specimens of  an- 
nealed or aged conditions are charged at - 7 0 0  mV 
(SCE) during testing. 

2. Intergranular fracture in all thermally treated spec- 
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Fig. 9. Effect of thermal treatment on the fatigue crack 
growth behavior of Inconel 600 in 1 N H2SO 4 at an applied 
potential of --700 mV(SCE) and a test frequency of 1 Hz 
[20]. 

Fig. 10. Fatigue crack growth behavior of Inconel 600 in 
I N of H2504 at an applied potential of -700  mV(SCE) 
and a test frequency of 1 Hz [20]. 
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imens, independent of  test frequency, when charged 
at - 7 0 0  m V  (SCE) during testing. Only trans- 
granular cracking was observed in solution an- 
nealed specimens which were unaged, except for 
those precharged with hydrogen. 

3. Intergranular fracture at shallow depths below the 
specimen surface in solution annealed samples 
precharged with hydrogen and tested under open- 
circuit conditions. 

It is unlikely that chromium depletion has any ef- 
fect on the observed results. This claim is largely sup- 
ported by a lack of observable differences in either 
the crack growth rate or fracture morphology even 
though the extent of  chromium depletion varies sig- 
nificantly between thermal treatments. Intergranular 
embrit t lement as well as an increase in fatigue crack 
growth rate was observed to be of  similar magnitude 
in all thermally treated specimens. Intergranular frac- 
ture in thermally treated specimens could be a result 
of  impurity segregation. Phosphorus is the only im- 
purity that consistently segregates to the grain bound- 
ary in all thermal treatments but is absent after an- 
nealing. The tendency of hydrogen to cause 
intergranular embrit t lement in the presence of  phos- 
phorus in nickel-base alloys will be described sub- 
sequently and is a likely possibility for the cause of 
intergranular crack growth observed here. Was et al. 
[20] postulated that hydrogen is responsible for both 
the enhanced fatigue crack growth rate and intergran- 
ular cracking. Although the presence of  phosphorus 
and /or  chromium carbides at the grain boundaries of  
thermally treated samples correlate with intergranular 
cracking, more than this casual relationship has not 
been verified. Hence,  no definitive conclusion can be 
made concerning the mechanism of  hydrogen em- 
brittlement in Inconel 600. 

Ballinger [21] and Moshier  [22] have examined the 
fatigue behavior  of  Inconel 600 at 288 ~ C in air-sat- 
urated and deaerated pure water as a function of met- 
allurgical and mechanical  parameters.  The results of  
these tests may  be summarized as follows: 

1. Sensitization in Inconel 600 appears to have very 
little effect  on the fatigue behavior of  this material 
in aerated high purity water (0.2 ppb dissolved ox- 
ygen). However ,  increasing the amount of  dis- 
solved oxygen can increase the crack growth rate. 
This is shown in Figs. 11 and 12, in which the 
sensitized alloy was solution annealed and aged at 
7 0 0 ~  for 2 h while the desensitized alloy was 
aged for 120 h. 

2. Cathodic charges showed little effect on growth 
rate, regardless of  the aging treatment, in high 
temperature water; this was in contrast to the find- 
ings of  Was et al. [20], in 25 ~ C sulfuric acid. There 
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was no observable increase in the crack growth rate 
and no change in crack morphology.  

3. The crack path was largely transgranular in both 
sensitized and desensitized alloys. The desensi- 
tized material, however ,  had a greater degree of 
intergranular fracture than the sensitized material. 
No intergranular fracture was observed in sensi- 
tized Inconel 600 at elevated temperatures and 
pressures. 

Similar work on X750 in simulated BWR environ- 
ments is described by Ballinger [1]. 

3 . 2  Stress  C o r r o s i o n  C r a c k i n g  
Interest in the intergranular stress corrosion cracking 
of nickel-base alloys has been stimulated in recent years 
by the nuclear power  generation industry [23-25]  and 
by the oil and gas production industry [26]. In both 
cases stress corrosion cracking (SCC) is known to be 
affected by microstructural characteristics. 

In the case of  the nuclear industry, SCC has been 
reported in high temperature (300 ~ C), high purity water 
[23-25]  in caustics [23-25]  and, more recently, in 
low- tempera ture  su l fur -bear ing  env i ronments  [27]. 
While the volume of  research on SCC of  Inconel 600 
is extensive, the mechanism of  cracking is still un- 
clear. A susceptible structure is now generally asso- 
ciated with carbide-free grain boundaries as first pointed 
out in the work of  Blanchet et al. [28] (Table 2). 
Semicontinuous grain boundary precipitates appear 
effective in preventing intergranular SCC in caustic, 
pure water, and in sulfur-bearing environments [27]. 
This is, of  course, something of  a reversal of  the in- 
tergranular SCC dependence of  austenitic stainless 
steels on microstructure. Although the detailed de- 
pendence on thermal treatment is different for the case 
of  SCC in high purity water  environments (solution 
annealed specimens are very susceptible while sen- 
sitized grades are more resistant) and for the case of 

SCC in S-bearing environments (solution annealed 
specimens are essentially immune  but sensitized ma- 
terial is most susceptible), both types of  SCC are re- 
duced by thermal stability of  Inconel 600 [27]. Ap- 
p ropr ia te  ( thermal  s tab i l iza t ion)  t r ea tmen t s ,  for  
example,  Airey ' s  proposal [29] of  thermal treatment 
at 982-1010~ C for 1 to 5 min followed by 704~  
for 15 h, apparently lead to m a x i m u m  resistance to 
SCC. Treatment of  the alloy to conditions well within 
the precipitation region of  the T T T  diagram (Fig. 1) 
results in semicontinuous grain boundary precipitates 
and replenishment (desensitization) to some extent of  
the chromium-depleted layer presumably affecting the 
cracking susceptibility. Such thermal stabilization (TS) 
treatment is expected to largely overcome the problem 
of wide heat-to-heat variability in mill annealed ma- 
terials [30]. Although the mechanism of  SCC in high- 
temperature water environment  remains a matter of  
much debate, Bandy and Van Rooyen [25] recently 
concluded that SCC occurs in simulated PWR water 
at potentials cathodic to the corrosion potential, per- 
haps a consequence of  absorbed hydrogen,  and at an- 
odic potentials, controlled by a fi lm rupture mecha- 
nism. 

The high strength and excellent resistance to cor- 
rosion of  high performance ( N i - C r - M o )  alloys such 
as Hastelloy C-276 [31-35]  and Inconel X750 [36] 
are attractive characteristics of  materials of  construc- 
tion in deep sour oil and gas wells. Although these 
alloys were originally intended for service in high- 
temperature applications (aircraft, aerospace, etc.), they 
are becoming widely used in hostile aqueous envi- 
ronments. Deep sour gas wells contain, in addition to 
hydrocarbons, acid gases such as CO2, H2S, and var- 
ious brine components  at temperatures up to 450~  
and at pressures often in excess of  20 ksi (138 MPa). 
It was once considered that such high nickel-base al- 
loys were resistant to chloride-induced transgranular 
stress corrosion cracking. Recent  work, however,  

Table 2. Fraction of Inconel 600 specimens cracked as a function of exposure time in high purity water. No cracking 
was observed under operating conditions for the sensitized material (1 h at 700 ~ C followed by quenching) [28]. 

Alloy C 
Alloy A Inconel Alloy B Inconel 600, Cr 17%, Ni77% 
600, C = 0.063 C = 0.040 C = 0.002 

Samples As As As As As 
cracked after Received Quenched Sensitized Received Quenched Sensitized Received Sensitized 

750 h 0/6 0/3 0/3 0/3 0/2 0/2 
1500h 6/6 0/3 0/3 0/3 0/2 0/2 
2250 h 0/3 0/3 1/3 0/2 0/2 
3000h 0/3 0/3 2/3 0/2 0/2 
4500h 1/3 0/3 2/3 0/2 0/2 
8250 h 1/3 0/3 3/3 0/2 0/2 

10000h 2/3 0/3 1/2 0/2 

6/7 0/5 
7/7 3/5 

5/5 
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shows that  these  a l loys  are  suscept ib le  to such em-  
br i t t l ement  in h igh  t empera tu re  (400 ~ F,  Na t iona l  
Assoc ia t ion  o f  C o r r o s i o n  Engineers  (NACE)  solu- 
t i o n - 5 %  N a C 1 ,  0 .5  ace t ic  ac id ,  saturated with  H2S) 
ch lor ide  e n v i r o n m e n t s  [31 ,33 ,34] .  In addi t ion ,  such 
a l loys  appear  to be  suscep t ib le  to low- tempera tu re  
in te rgranular  h y d r o g e n  embr i t t l emen t  in 25 ~ C N A C E  
solut ions  [ 3 1 - 3 6 ] .  M o r e o v e r ,  res i s tance  to h y d r o g e n  
embr i t t l emen t  and  to (ch lor ide)  stress cor ros ion  c rack-  
ing appears  to have  qui te  d i f ferent  funct ional  depen-  
dences  on m e t a l l u r g i c a l  h is tory .  In  short ,  res i s tance  
to h y d r o g e n - i n d u c e d  c r ack ing  does  not  necessa r i ly  
corre la te  wi th  r e s i s t ance  to (chlor ide)  stress cor ros ion  
cracking .  In  fact ,  it  appea r s  that  in the case  o f  deep  
sour  gas  wel l s ,  for  e x a m p l e ,  there  is no s ingle  ma-  
ter ia l  which  res i s t s  bo th  h y d r o g e n  embr i t t l emen t  and 
SCC at the s t rength  l eve l s  des i red .  

The  hydrogen embr i t t l ement  o f  Hastel loy C-276 has 
been  o f  pa r t i cu la r  in te res t  r ecen t ly  [31 -36 ] .  Berko-  
wi tz  and K a n e  [31],  for  e x a m p l e ,  have shown that 
embr i t t l emen t  suscep t ib i l i t y  is increased  by  aging  
t rea tment  c o n d u c t e d  wi th in  the  range  o f  2 0 0 - 5 0 0  ~ C 
(Table  3). N o  fa i lu res  were  obse rved  in spec imens  
which  were  not  g a l v a n i c a l l y  coup led  to mi ld  s teel ,  
impl ica t ing  h y d r o g e n  as a prerequis i te  to fai lure .  In- 
te res t ingly ,  s imi l a r  obse rva t ions  were  r epor ted  by  
Blanche t  et al .  [28] wi th  respec t  to the in tergranular  

c rack ing  o f  Incone l  600 in h igh - t empera tu r e  water ;  
c o n t a c t  w i th  n o b l e  m e t a l s  r e d u c e d  s u s c e p t i b i l i t y  
whereas  contac t  wi th  ca rbon  s teel  acce le ra t ed  c rack-  
ing. Moreover ,  embr i t t l ement  resistance decreased with 
the  t ime  or  t empe ra tu r e  o f  the  ag ing  t rea tment :  Shor t  
t imes  at h igh t e mpe ra tu r e s  o r  l o n g e r  t imes  at l o w  t em-  
pera tures  dec rea se  r e s i s t ance  to  embr i t t l ement .  C o l d  
w o r k e d  spec imens  w h i c h  w e r e  u n a g e d  were  f o u n d  to 
exh ib i t  adequa te  r e s i s t ance  to in te rg ranu la r  embr i t t l e -  

ment .  
There  is conce rn ,  the re fo re ,  that  co ld  w o r k e d  al- 

l oys  (suff ic ient  s t rength)  m a y  age  and embr i t t l e  in ser-  
v i ce  at d o w n h o l e  t empe ra tu r e s .  B a s e d  on the inc reas -  
ing  ev idence  o f  the  e f fec t  o f  t r amp impur i t i e s  on 
e nv i ronme n ta l l y  i n d u c e d  e m b r i t t l e m e n t  [4], it  was  hy-  
po thes i zed  that  g ra in  b o u n d a r y  impur i ty  seg rega t ion  
m a y  be  p l ay ing  a role .  Thus ,  s a mp le s  o f  Has t e l l oy  C- 
276 were charged ca thodica l ly  with hydrogen and then 
f rac tu red  in v a c u u m .  S c a n n i n g  A u g e r  spe c t ro s copy  
was  used  to d e t e r m i n e  the g ra in  bounda ry  c o m p o s i -  
t ion o f  the u n a g e d  and  a g e d  spec imens .  The  A u g e r  
resul ts  r evea l ed  c o n s i d e r a b l e  phosphorus  seg rega t ion  
to the gra in  bounda r i e s  w h i c h  co r re l a t ed  with  the  ag-  
ing t rea tments .  E x p e r i m e n t a l  l ow  phosphorus  hea ts  
were  tes ted  in the  s a m e  e n v i r o n m e n t  and s h o w e d  im-  
p roved  res i s tance  to e m b r i t t l e m e n t  when  bu lk  phos -  
phorus  leve ls  we re  l o w e r e d  s ign i f i can t ly  b e l o w  c o m -  

T a b l e  3. The effect of  aging on the embrittlement susceptibility of Hastelloy C-276 tubulars in N A C E  solutions (25 ~ C, 
C-ringes/steel coupled) [31]. 

Aging Temperature Time to Failure (days) 
Aging Time 

Condition (C) (F) (Hours) 100% Trans. YS 90% Trans. YS 

37% Cold reduced tubular 

48% Cold reduced tubular 

59% Cold reduced tubular 

Unaged - -  100 ~ 100 ~ 
149 300 339 100" - -  
204 400 339 11 - -  

535 - -  100 a 
371 700 20 < 3 - -  
482 900 0.16 <3 - -  
482 900 100 <3 

Unaged - -  100 a 100 a 
149 300 339 4 - -  

607 - -  100 a 
204 400 339 6 - -  

535 - -  100" 
371 700 20 < 3 - -  
482 900 0.16 <3 - -  
482 900 100 <3 

Unaged - -  100' - -  
149 300 258 100 a - -  

266 - -  100 ~ 
204 400 252 4 

266 - -  29 
371 700 20 <3 
482 900 0.16 <3 - -  
482 900 100 <3 

~Specimens were removed from test after specified time, no failure. 
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mercial levels. The results of this investigation suggest 
a relation between the hydrogen embrittlement of  this 
alloy and phosphorus segregation at the grain bound- 
aries. The possible role of  such impurities will be dis- 
cussed in the next section. 

It should, of  course, be mentioned that while the 
hydrogen embrittlement susceptibility of such N i - C r -  
Mo alloys has been often studied [31-36],  the mech- 
anism by which cracking occurs remains the subject 
of considerable controversy. As indicated above, one 
school [31] showed that aging caused segregation of  
P to the grain boundaries and that embrittlement is 
associated with the electrocatalytic action of  P in 
stimulating hydrogen absorption. Another school [32- 
35], on the other hand, has suggested that ordering, 
which occurs upon aging, prompts planar slip and may 
in turn enhance crack nucleation at emergent slip steps, 
increase internal stress concentration at dislocation pile- 
ups and /or  promote transport of  hydrogen by a dis- 
location drag mechanism. 

3.3 H y d r o g e n  E m b r i t t l e m e n t  

3.3.1 Segrega ted  I m p u r i t y - - H y d r o g e n  Inter-  
act ions.  The importance of  impurity segregation at 
internal interfaces, particularly grain boundaries, in 
the phenomenology of  various forms of embrittle- 
men t - - t emper  embrittlement [37], stress corrosion 
cracking [38], and so o n - - h a d  been proposed some 
time ago. More recently, surface analytical tools, such 
as Auger electron spectroscopy, have made it possible 
to substantiate such proposals. For example, temper 
embrittlement of  steels appears related to the grain 
boundary accumulation of  alloying elements such as 
Ni and Cr and impurity elements (metalloids) such as 
P, Sb, and Sn [39-42] .  Intergranular embrittlement 
of  W [43], Cu [44], and phosphor bronze [45] have 
been associated with segregated P, Bi, and P, re- 
spectively. In many cases embrittlement has been at- 
tributed to a reduction in (grain boundary) surface en- 
ergy, a consequence of  the segregation of  solutes to 
the grain boundary. There are instances [46], how- 
ever, where grain boundary solute segregation is found 
to induce ductility in polycrystalline specimens that 
would fail intergranularly in the absence of  such seg- 
regation. The latter is, of  course, not attributable to 
a Gibbsian reduction of  grain boundary energy. Sim- 
ilarly, galvanic effects in electrolytes arising out of 
chemical inhomogeneity between grain boundaries and 
contiguous grains have also been considered a source 
of intergranular failure [38]. Depending on the nature 
of the impurity element,  increased or decreased reac- 
tivity may be expected to occur as a consequence of  
segregation. In the following, attention will be fo- 
cused on the part played by segregated impurities in 

the intergranular hydrogen embrittlement of nickel and 
nickel-base alloys. 

Impurities may play an important role in embrit- 
dement induced by cathodically produced hydrogen, 
particularly if the segregated species happen to be met- 
alloids such as those mentioned previously which are 
known to be effective catalytic poisons for the hy- 
drogen recombination reaction in electrolytes. The 
significance of recombination poisons was first pointed 
out by Latanision and Opperhauser [4] in a study of  
the intergranular embritt lement of  nickel by cathodi- 
cally produced hydrogen. Perhaps the most effective 
way to examine the influence expected of metalloid 
elements on cathodic kinetics is to consider Fig. 13, 
which shows the exchange current density for hydro- 
gen evolution for some of  the elements in the periodic 
chart. The exchange density may be considered a 
measure of the catalytic efficiency of a given element 
for the hydrogen evolution reaction at the reversible 
potential. Notice that the exhange current density for 
the hydrogen reaction is orders of  magnitude higher 
on noble metals (typically 10 -3 A / c m  6) or other tran- 
sition metal surfaces ( 1 0  -6  a / c m  2) than on metalloid 
surfaces (10  -13 A/cm2). The overall hydrogen evo- 
lution reaction may be broken down into, for exam- 
ple, a proton reduction step, H § + e = Had, and a 
hydrogen ada tom-adatom combination step. Metal- 
loid elements effectively poison the reaction, Hads + 
H,ds = H2, thereby increasing the population of  ad- 
sorbed, uncombined hydrogen on the electrode sur- 
face and, consequently, the probability that atomic 
hydrogen will be absorbed by the metal also in- 
creases. The influence o f  soluble metalloid salts in 
increasing the absorption of  hydrogen from electro- 
lytes at cathodic potentials is well documented [47-  
48]. Hence, as suggested by Latanision and Opper- 
hauser [4], one might expect metalloid-segregated grain 
boundaries to act as preferential sites for the absorp- 
tion of cathodic hydrogen into polycrystalline metals, 
Fig. 14. In essence, it may be argued that the entry 

IA 2A 3A 4A 5A 6A 7A 8 B 8 IB 2B 3B 4B 5B 

Li ~ B C N 

K C o ! S ' c - T ~ - - V ~ ~ Z n  Go~Ge AA~ 

. yj / T, 

Approxirnote CER (A/crn2~ ' I0-3 / /  LO-'/ I0"9 I I(3" " 

Fig. 13. The exchange current density for the hydrogen 
evolution reaction, io HER for various elements in the peri- 
odic chart. 
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(a) 

H + 
H + H + ( ~  

(b) (cl 

Fig. 14. Schematic indicating the preferential absorption of 
atomic hydrogen along metalloid-segregated grain bound- 
aries and subsequent intergranular embrittlement of poly- 
crystalline nickel [4]. 

of  hydrogen into nickel occurs preferentially in the 
proximity of  the grain boundary intersections with the 
free surface due to the presence therein of  metalloids 
which act to poison the combination of  hydrogen at- 
oms formed by the discharge of  protons from the elec- 
trolyte. At locations remote from the grain boundary, 
protons are reduced forming hydrogen adatoms which 
in the absence of  a poison have a high probability of 
combining to form molecular hydrogen and are, thus, 
subsequently evolved. In the vicinity of a grain 
boundary, in contrast, rather than evolving from the 
electrode surface in molecular form, uncombined hy- 
drogen atoms increase in number at the interface, and 
the probability of  their absorption into the metal lat- 
tice increases. 

It should be appreciated that the embrittlement of 
nickel described previously is not the result of seg- 
regation of  metalloids alone, as indicated by the fact 
that identical tensile specimens deformed in the ab- 
sence of hydrogen were not embrittled. Indeed em- 
brittlement is associated with the interaction between 
segregated species and the surrounding environment. 
Such impuri ty-microchemistry interactions may ap- 

ply to other metals and alloys as well. Grain boundary 
segregation of  phosphorus, for example,  has been ob- 
served in thermally treated nickel-base alloys such as 
Inconel 600 and Hastelloy C-276, both of  which are 
subject to intergranular hydrogen embrittlement as de- 
scribed earlier. Likewise, recent extensive work by 
Bruemmer et al. [49] has shown a similar fracture 
mode transition in hydrogen-charged iron and nickel 
as a function of  grain boundary sulfur segregation. It 
is in fact interesting that in the work by Bruemmer  et 
al. [49] it is found that while the accumulation of  seg- 
regated sulfur at grain boundaries in nickel reduces 
ductility in the presence of  hydrogen, segregated 
phosphorus reduces the tendency for hydrogen-in- 
duced intergranular embrittlement. While both S and 
P should be expected to behave similarly from an 
electrocatalytic point of  view (both should stimulate 
hydrogen absorption), it is important with respect to 
embritt lement to recognize that the electrocatalytic 
behavior of such elements must be separated from their 
role in the solid state chemistry of  bonding interac- 
tions. In short, there is no a priori reason to expect 
elements that stimulate hydrogen absorption to stim- 
ulate solid state disbonding interactions when in the 
presence of  host metal atoms and atomic hydrogen in 
the solid [50]. The point of  the present discussion is 
to suggest that the accumulated impurities may be re- 
sponsible for the presence of  hydrogen in the grain 
boundaries, but this does not guarantee embrittle- 
ment. 

Given all of  the above, some of  the elements which 
may be involved in the intergranular embritt lement of  
nickel are shown in the sequence in Fig. 15. Recent 
studies (see reference 51 for a review) suggest that 
yielding begins in the surface grains of  polycrystals 
through the action of  dislocation sources near the free 
surface. The result is that one expects that some hy- 
drogen is dragged into the interior along with mobile 
d is loca t ions  which may  then in teract  with grain 
boundaries (Fig. 15a,b). Some hydrogen is likely to 
enter the solid at other than poisoned grain bound- 
aries, evidence for which is the fact that serrated 
yielding has been observed in large-grained polycrys- 
tals and in similar experiments with monocrystals [52] 
cathodically charged and deformed simultaneously. 
The latter suggests that dislocations-solute (hydro- 
gen) interactions occur. Likewise, atomic hydrogen 
which, as described earlier, presumably enters the solid 
preferentially at grain boundary intersections with the 
free surface may diffuse via the grain boundaries into 
the solid. In the later stages o f  deformation, internal 
dislocation sources become operational and the inci- 
dence  o f  d is loca t ion  in terac t ions  with the grain 
boundaries increases. It is conceivable, for example,  
that dislocations generated by sources located at grain 
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Fig. 15. Schematic showing sequence perhaps involved in intergranular hydrogen embrittlement [4]. 

boundaries may sweep hydrogen into the bulk. The 
attendant stress and the presence of  hydrogen in the 
vicinity of  the grain boundaries may subsequently lead 
to embrittlement (Figure 15c) perhaps as a result of 
the hydrogen-me ta l lo id - induced  reduct ion in the 
strength of  atomic bonds at regions of  stress concen- 
tration. Though we have studied each aspect of  the 
foregoing, work on dislocation transport has been re- 
ported elsewhere [53,54] and will not be described 
here. 

In order to experimentally examine the absorption 
of  hydrogen at metalloid-segregated grain boundaries, 
one would like to explicitly study the behavior of  the 
grain boundary-electrolyte interface with regard to the 
hydrogen evolution/absorption processes. Obviously, 
this is difficult to do in situ. On the other hand, we 
have recently explored the use of  metallic glasses as 
a structural and chemical analog of  segregated grain 
boundaries in electrolytic hydrogen permeation stud- 
ies [55]. Structurally, Ashby et al. [56] have pointed 
out that grain boundaries may be described on an atomic 
scale as a packing of polyhedra, a model which has 
been used as well to effectively characterize the struc- 
ture o f  metallic glasses [57]. In effect, both grain 
boundaries and metallic glasses may be considered to 
possess a certain short range order on an atomic scale, 
but not the long range periodicity typical of  perfect 
crystals. Chemically the transition metal -metal lo id  type 
glasses (typically 80 at wt% transition metals, 20 at 
wt% metalloid compositions) are of  compositions that 
are good approximations of  the chemistry of  solute 
segregated grain boundaries in polycrystalline metals 
and alloys. As mentioned earlier, grain boundary seg- 
regation of  phosphorus has been observed in ther- 
mally treated nickel-base alloys such as Inconel 600 
and Hastelloy C-276. Hence, N i - P  binary glasses may 

be considered to be good structural and chemical an- 
alog of grain boundaries in thermally treated nickel- 
base alloys. 

The results of  permeation experiments on poly- 
crystalline, high purity nickel, a Ni92.7Sia.sB2.8 glass, 
and Nia~PI9 glass are given in Fig. 16. The work on 
Ni8~P~9 was intended to address the case of  the me- 
tallic glass analog of  phorphorus-segregated grain 
boundaries in nickel-base alloys. In effect, as de- 
scribed earlier with reference to Figure 13, it has been 
proposed that the segregated grain boundaries might 
act as preferential paths for the entry of  hydrogen into 
the polycrystalline matrix. Notice that as the charging 
current increases the steady state permeation current 
also increases, but far more rapidly for the metalloid- 
concentrated glass as expected. This suggests, given 
the grain boundary-metal l ic  glass analog, that the in- 
troduction of substantially more hydrogen occurs along 

o = 

Ni81 P19 gloss 

nNi Si45B28 gloss 

rz Ni 

L I I t I 
2 3 4 5 

(CHARGING CURRENT)I /ZmA/cm2 

Fig.  16. Steady state permeat ion f lux  as a funct ion o f  
changing current for various crystalline and glassy nickel- 
base materials [55]. 
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metalloid-segregated grain boundaries than via the bulk. 
In situ observations which suggest grain boundary 

transport of  hydrogen in nickel have been reported by 
Tsuru and Latanision [58] using the ion microprobe. 
In this work, the surface of  a polycrystalline specimen 
of nickel was examined by IMA. The charging time 
was too short to allow hydrogen to permeate the spec- 
imen by lattice diffusion. The result of a step scan 
analysis of 60Ni+ and 1H+ (10 I~m each step and 13 ixm 
resolution) is shown in Fig. 17 in which three hydro- 
gen peaks can be seen. This suggests that there were 
spots where the concentration of  hydrogen was very 
large compared with the matrix. Fig. 18 shows the 
sputtered surface where the IMA measurement was 
performed and the line of  circles which corresponds 
to the trace of  the IMA spot measurements. These 
peaks correspond to the points of  intersection of  the 
IMA scan direction vector with grain boundaries in 
the specimen as shown in Fig.  18. In essence, the 
concentration of  hydrogen at grain boundaries was 
found to be very large compared to background hy- 
drogen. Notice as well that the nickel signal is little 
affected in crossing grain boundaries, that is, the ratio 
ln§247 increases significantly. These observations 
are consistent with the suggestion of  grain boundary 
diffusion that emerged from electrolytic permeation 
experiments, which suggest that the grain boundary 
diffusivity of  hydrogen is about 60 times faster than 
that of  lattice diffusion [58]. Work supporting these 
observations has been presented elsewhere [59]. 

3.3 .2 .  T h e  Effect  o f  Grain  B o u n d a r y  Carbide  
Morphology on Hydrogen  Embrit t lement .  Lee [60] 
has studied the case of  intergranular embrittlement in 
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Fig. 17. IMA data showing the increased hydrogen con- 
centration at grain boundaries on the exit surface of a nickel 
specimen cathodically charged for 2 h at the opposite or 
entry surface (cathode) [58]. 

Fig. 18. IMA scanning direction superimposed on the op- 
tical micrograph of the surface corresponding to Fig. 16. 
The hydrogen peaks in the Fig. 16 correspond to grain 
boundary intersections [58]. 

which grain boundary carbide morphology plays a more 
important role than either chromium depletion or sol- 
ute segregation in the proximity of  the grain bound- 
aries. Figure 19 shows the dependence of  the ductility 
(%RA) of  Inconel 600 as a function of aging tem- 
perature following a solution anneal at 1100~ C for 
1 h. The separation between the two curves, the lower 
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of which corresponds to specimens that were de- 
formed while being electrolytically charged with hy- 
drogen at - 1 0 0 0  mV(SCE) in 0.1 N H2SO4, repre- 
sents the loss in ductility that is caused by absorbed 
hydrogen. Notice that an aging ductility loss occurs 
when specimens are aged at 700 ~ C for 24 h even in 
the absence of  absorbed hydrogen. The effects of  hy- 
drogen charging and thermal aging are more clearly 
shown in Fig. 20 in which reduction-in-area loss is 
shown as a function of  temperature. Note that aging 
embrittlement, in the absence of absorbed hydrogen, 
is a maximum following a 700~  anneal for 24 h. 
Ductility loss due to hydrogen passes through a max- 
imum at an aging temperature of  about 500 ~ C. Aging 
embrittlement due to grain boundary  carbide precip- 
itation finds support in the work of  Lee and Vermi- 
lyea [61]. The variations in the two embrittlement 
phenomena with aging temperature are best explained 
by the morphology change in carbide precipitation. A 
semicontinuous carbide precipitate on grain bound- 
aries such as is produced by 700 ~ C aging causes most 
severe loss of  air ductility and induces intergranular 
rupture. Carbide precipitates also trap hydrogen and 
would increase or decrease the effect of  hydrogen, 
depending on the morphology of  the precipitation. A 
thin, continuous grain boundary precipitate traps hy- 
drogen and distributes it uniformly along the grain 
boundaries, resulting in enhanced intergranular hy- 
drogen embrittlement (500~ C aging). Discrete pre- 
cipitates on grain boundaries and in the matrix trap 
hydrogen at discontinuous sites, resulting in reduced 
hydrogen embrittlement (900 ~ C aging). In a micro- 
structure free of  precipitates (solution annealed), hy- 
drogen induces intergranular decohesion and some 
amount of quasi-cleavage in Inconel 600. In the pres- 
ence of  carbide precipitates (solution annealed and 
aged), hydrogen tends to enhance the existing micro- 
void coalescence fracture initiated around carbide par- 

ticles, whether on grain boundaries or in the matrix, 
causing early failure. 

The aforementioned dependence of  fracture char- 
acteristics on precipitate morphology is shown in Figs. 
21 and 22. Figure 21 shows fractographs of solution- 
annealed Inconel 600 obtained after testing in the 
presence of cathodic hydrogen charging. Hydrogen- 
induced intergranular cracking and quasi-cleavage are 
shown. The grain face shown in Figure 21(a) is es- 
sentially smooth with extensive superimposed slip line 
traces, an indication that significant plastic flow oc- 
curs during grain boundary separation. If Inconel 600 
is solution annealed and aged at 700 ~ C for 24 h (Fig. 
22) mixed mode intergranular and transgranular frac- 
ture occurs when the specimen is deformed to failure 
in the laboratory atmosphere as well as in the pres- 
ence of  absorbed hydrogen although intergranular 
failure becomes more dominant in the latter case. It 
is interesting that the grain faces of the 700 ~ C aged 
alloy have a rough appearance, unlike the grain faces 
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Fig. 20. As in Fig. 18, but showing ductility loss [60]. 

Fig. 21. Scanning electron micrographs of solution an- 
nealed (1100~ for 1 h) Inconel 600 fractured during hy- 
drogen charging showing (a) smooth intergranular faces and 
(b) quasi-cleavage [60]. 
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central role in determining the microstructure of  such 
alloys and, correspondingly, their properties and per- 
formance under service conditions. Perhaps the most  
promising advanced processing technology in this re- 
gard is rapid quenching or rapid solidification pro- 
cessing (RSP). 

Liquids of  virtually any composi t ion may be rap- 
idly quenched to produce metastable solids. Some liq- 
uids, with specific composit ion,  however ,  are glassy 
in the solid state. In order to achieve a glassy structure, 
transition meta l -meta l lo id  or me ta l -me ta l  liquid 
alloys must be quenched at rates greater than 10 6 

~ Alloys produced in this way are termed "glassy" 
alloys as they generally exhibit metallic phases with 
no long-range structural order, although over  a few 
atomic distances there may  be short-range order. For 
a more detailed description of  the properties of  me-  
tallic glasses, readers are referred to the various books 
and conference proceedings on this subject [62-64] .  

Considerable interest has developed in terms of  the 
chemical  properties of  rapidly quenched glassy al- 
loys,  some of  which are remarkably  inert [65,66]. 
There is, however,  a second family of  alloys pro- 

Fig. 22. SEM fractographs of solution annealed and aged 
(1100 ~ C for 1 h followed by 700 ~ C for 24 h) Inconel 600 
fractured during hydrogen charging showing (a) transgran- 
ular dimpled area, and (b) grain faces with rough appear- 
ance [60]. 

produced in the solution annealed alloy (Fig. 21). The 
grain face roughness is likely due to the extensive 
chromium carbide precipitation that is known to occur 
when the alloy is aged at 700 ~ C, as described earlier. 
Figure 23 summarizes in a schematic sense the origin 
of  the fracture morphology observed in this study. It 
might be mentioned in passing that chromium deple- 
tion and P segregation in the vicinity of  grain bound- 
aries, both of  which may  occur  during aging, do not 
seem to affect either this a l loy 's  susceptibility to hy- 
drogen or to aging embrit t lement.  Lee [60] has also 
examined Inconel X750 and Incoloy 800 in experi- 
ments similar to those described above. 

4. A D V A N C E D  P R O C E S S I N G  

In the preceding discussion emphasis was placed on 
the recognition that the corrosion resistance of nickel- 
base alloys is intimately associated with the micro- 
structure of  these alloys. Materials processing plays a 

Fig. 23. Schematic illustrating the interaction of trans- 
ported hydrogen with various traps leading to different hy- 
drogen-induced fracture modes: (a) hydrogen trapped by grain 
boundaries leading to boundary decohesion; (b) hydrogen 
trapped by continuous, incoherent precipitates along grain 
boundaries leading to interface decohesion; and (c) hydro- 
gen trapped by discrete incoherent precipitates at grain 
boundaries and in the matrix leading to microvoid forma- 
tion around the precipitate particles [60]. 
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cessed by rapid quenching. In this category are alloys 
of  virtually any composition that are, for example, 
quenched into the form of  thin strips (or atomized to 
produce powder),  subsequently compacted together, 
and finally hot extruded into the form of  sections of  
rather large sizes. The alloys processed in this way 
are not amorphous but have grain size o f  the order of  
a micron. Likewise, because of  rapid solidification, 
they are chemically more homogeneous than conven- 
tionally processed alloys of the same composition. Such 
materials are often remarkably stable with regard to 
grain growth at elevated temperatures, a characteristic 
which Yurek et al. [67] have shown to be critically 
important in the resistance of  RSP type 304 stainless 
steel in high temperature, oxidizing environments 
typical of  gas turbines. 

Although RSP of  nickel-base superalloys has re- 
ceived considerable attention [68], little information 
appears to be available with regard to the aqueous 
corrosion resistance of such alloys. On the other hand, 
the chemical properties of  RSP crystalline iron- and 
aluminum-base alloys have been examined at MIT and 
are summarized in recent publications [69,70]. In 
general, the findings are very encouraging indeed. 
Tsuru et al. [70] have investigated the corrosion re- 
sistance of  compacted and hot extruded austenitic and 
duplex stainless steel foils produced by rapid solidi- 
fication of  commercial  alloys. The extrusion temper- 
ature of  1065 ~ C resulted in a microcrystalline struc- 
ture with a uniform grain size of 2 -5  Ixm. Polarization 
data in Na2SO4-n2so4 solutions revealed little dif- 
ference in behavior between the wrought and micro- 
crystalline material of  the same composition, as shown 
in Figure 24. However, the microcrystalline alloys were 
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Fig. 24. Polarization curves for microcrystalline alloys (m, 
dashed) and conventional alloys (c, solid). Alloy A: 20%Cr- 
18%Ni-6.1%Mo (Avesta 254 SMO); Alloy B: 19%Cr- 
5%Ni-2.8%Mo (Avesta 3RE60); Alloy C: 23%CR-5%Ni- 
1.5%Mo (NAS 45M) [70]. 
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Fig. 25. Anodic polarization curve for alloy C (23%Cr- 
5%Ni-l.5%Mo; NAS 45M) in 0.5N NaC1 at 60 ~ C. Di- 
rection of sweep was reversed at 1 mA. Microcrystalline 
alloy (m, dashed) and conventional alloy (c, solid) [70]. 

found consistently to be more resistant to pitting than 
the conventional alloys of  the same composition. The 
improved resistance to pitting of  the microcrystalline 
alloys was thought to be influenced by the more uni- 
form distribution of  impurities minimizing segrega- 
tion or accumulation to form active initiation sites for 
localized attack. Figure 25 shows polarization dia- 
grams for a wrought and microcrystalline F e - C r - N i -  
Mo stainless steel in a chloride-containing environ- 
ment clearly showing the more noble breakdown and 
protection potentials of  the rapidly solidified alloys. 
Initial stress corrosion tests on the compacted austen- 
itic stainless steel foils are also encouraging, although 
interference from prior foil boundaries in the crack 
extension process does compromise properties to a 
certain extent [71 ]. 

In short, while little reported work on the corrosion 
resistance of RSP nickel-base alloys appears to be 
available, there is precedent in other alloy systems to 
suggest that the microstructural control, the extended 
solubility limits, the homogeneity,  and so on, of 
metastable alloys of  nickel would improve the resis- 
tance of such alloys to general and localized forms of  
corrosion. The opportunity presented by RSP for im- 
provement in the performance of nickel-base alloys in 
service environments of  all kinds warrants attention. 
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