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Thermomechanical Processing of Iron,
Titanium, and Zirconium Alloys in the
BCC Structure

D.L. Bourell and H.J. McQueen

Abstract. The body centered cubic (bce) metals undergo a high level of dynamic re-
covery during elevated temperature straining so that the stress increases monotonically to a
steady-state value o,. The strain rate and o, are related by means of the power, the expo-
nential, or the sinh law with an Arrhenius temperature relationship. The activation energy for
« iron has values of 250-280 kJ/mol, whereas for B titanium and B zirconium it is in the
range 134-184 kJ/mol. The structure developed during hot working consists of elongated
grains containing subgrains of dimension inversely proportional to ;. In warm working of
a iron (limited to below 0.66 T,), the textures are similar to those for cold working. In
working B titanium and B zirconium which is limited to above 0.6 T,, except in 8 stabilized
alloys or as matrix in @ + B processing, the bcc textures transform into a textures. The «
iron relies principally on substructure strengthening in association with carbides. The 8 phases
can be thermomechanically processed to provide equiaxed or lamellar « in a variety of di-
mensions and combinations, with or without substructure. Hot working of the bcc refractory
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metal alloys, principally molybdenum, is similar to hot working of « iron.

INTRODUCTION

In the first two papers of this series [1,2] and in many
other publications [3—17], the softening mechanisms
during deformation, namely dynamic recovery and re-
crystallization, are explained. Dynamic recovery is the
primary mechanism which reduces strain hardening and
leads to a steady-state regime in metals such as a iron
and aluminum [1,4,6,7,8]. It also bestows a high hot
ductility insofar as it enhances accommodation of grain
boundary sliding to inhibit triple junction cracking
[2,6,9]). Dynamic recrystallization causes additional
softening at high strains in certain metals such as cop-
per, nickel, and 7 iron [1,6,10,12] but is of minor
importance in « iron. These mechanisms, which play
an important role in traditional high strain rate hot
working, are quite distinct from superplastic defor-
mation which intervenes in specific temperature and
strain rate ranges [17-26]. As will be described, the
mechanisms of hot working often develop microstruc-
tures which are suited to boundary sliding, grain ro-
tation, and switching.
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This paper is the third of a series of papers on hot working.

While the previous papers [1,2] discussed phenom-
ena common to metals in general, this one on bce met-
als, as well as others to follow on hexagonal close
packed (hcp) and face centered cubic (fcc) alloys ex-
amines the occurrence and control of these phenomena
in the processing of specific metals and alloys. The
opening section examines the hot or “warm” working
of ferritic iron alloys (bcc) which is quite distinct from
hot forming of austenitic iron (fcc) because dynamic
recovery plays a much more prominent role. More-
over, the industrial application of ferritic working tends
to be mainly in near-net shape warm forging and lim-
itedly in rolling, whereas in y processing it is the other
way around. The second section considers S titanium
and 3 zirconium which are basically similar to bcc
iron yet differ technologically because they are high
temperature phases. The refractory bcc metals behave
similarly to « iron but little has been published on their
hot working. In each metal the discussion is extended
to the combination of working with heat treatment in
thermomechanical processing, to optimize specific
service properties. Last, the behavior in creep [27-33]
is occasionally referenced since it gives valuable in-
sight into hot working behavior, especially where the
latter is incompletely determined [14].
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FERRITIC IRON ALLOYS

Deformation of a iron (a-Fe) and its dilute (bcc) al-
loys at elevated temperature is limited by the solid state
transformation to fcc austenite, at or near 910° C (=0.66
T,) [3,4,34-36]. However, when carbon is present in
appreciable amounts, the maximum working temper-
ature drops to about 720° C (=0.55 T,,). The trans-
formation temperature may be raised considerably by
additions of « stabilizers (aluminum, chromium, mo-
lybdenum, phosphorus, silicon, titanium, vanadium,
tungsten). The common nomenclature for such high
temperature deformation of ferrous metals is “warm”
working with “hot” working reserved for higher tem-
peratures, usually of y iron, in which recrystallization
plays a more prominent role. Dynamic recrystalliza-
tion of & iron usually does not occur due to the high
recoverability associated with the bee structure.

As the temperature rises, the rate of strain hard-
ening declines, particularly at high strain, until above
0.5 T,, when stress—strain curves exhibit gradual
monotonic hardening to steady-state regimes. The
constitutive behavior of the non-work-hardening re-
gime is marked by a decrease in flow stress o with
increasing temperature T and decreasing strain rate &
[4,36-41], which is modeled in one of these forms:

é = A(a'0)" exp(—Q/RT)
¢ = A’ exp(B'0) exp(—Q/RT)
& = A"[sinh(a’ 0))" exp(—Q/RT) [sinh law] 3)

[power law] (N

[exponential law] (2)

where A, A’, A", &' and B’ (=na') are constants, R is
the universal gas constant, Q is the activation energy,
and n is the stress exponent. Solved for stress, these
relations become, respectively,

o= k[éexp(+Q/RT)}'/" 4)
o= 1/p In[k'[¢ exp(+Q/RT)]] &)
o = 1/a'Sinh ' [k"[¢ exp(+Q/RT)}'/"] (6)

where k, k' and k" are constants. The power law equa-
tion is applicable at low to moderate stress levels when
dislocation glide/climb or grain boundary sliding is
the rate limiting mechanism. The exponential model
is valid at high stress (above power law breakdown,
o = 107°E), and is associated with the presence of
excess vacancies. The sinh model, first proposed by
Garofalo [42], is valid over ranges of stress both above
and below power law breakdown. For plain carbon
steels, additional empirical relations have been devel-
oped [43,44].

Figure 1 demonstrates the strain rate—stress rela-
tionship for «a iron [27]. The activation energy was
calculated to be 250 kJ/mole, which corresponds to
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Fig. 1. Creep data for alpha iron at various temperatures.
[ref. 271

self diffusion of iron. The stress dependence of hot
working may be described by the above equations us-
ing the temperature compensated strain rate, or Ze-
ner—Holloman parameter Z (=€ exp [Q/RT]). A lim-
iting value of Z demarks dynamic recovery from
dynamic recrystallization as the dominant restoration
mechanism, recrystallization operating at Z values lower
than the limiting value. For the case of commercial
purity iron, the limiting value ranges between approx-
imately 10'%s7' and 10'%s7™', the larger values being
applicable to higher purity material [36]. The activa-
tion energy is not strongly affected by impurity con-
tent and has been measured to be about 280 kJ /mole,
compared to 250 kJ/mole for self diffusion.

Structure of Warm Worked « Iron

The structural features associated with warm working
of a iron are subgrains [34,36,38—41, 44-49] with a
low density of interior dislocations compared to cold
working [S0-56]. As temperature rises from ambient,
a iron and its substitutional alloys (aluminum, chro-
mium, nickel, silicon, manganese) exhibit higher lev-
els of recovery as subgrains of increasing size and
perfection [36—41,57]. In this respect, « iron is very
similar to aluminum [57]. The addition of chromium
{37,38,57-60] does not affect the subgrain size di-
rectly. Fe—25Cr torsion tested at 3.6 s~', 1050° C ex-
hibits an elongated cell structure at low deformation
which, upon continued straining, becomes equiaxed,
2 to 3 wm subgrains of low misorientation [57]. Even-
tually, a “super subgrain” structure develops, of 6 to
8 jum size and 3 deg to 13 deg misorientation, super-
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imposed over the earlier structure. However, torsion
testing of iron containing O to 20% chromium at
0.79 57! in the temperature range 600° C to 950° C
produced identical subgrain structures at all strains in-
dependent of initial grain size and morphology, indi-
cating that low chromium concentration does not alter
fundamentaily the restoration process [36,37]. Similar
substructures have been observed in Fe—3Si [41,45,601,
the subgrain size being independent of solute concen-
tration.

Interstitial solute additions of carbon or nitrogen in-
hibit dynamic recovery in a narrow temperature band
associated with dynamic strain aging [61-63]. In this
“blue brittle” regime, solute-induced viscous drag of
dislocations is responsible for the formation of an evenly
distributed, dense dislocation structure and negative
strain sensitivity. Additions of manganese expand the
blue brittle temperature range to higher temperatures
[61,62].

Impurities in a iron refine subgrains and increase
strength with altered constants in equations (1) to (3).
The strength increase has been associated wtih an in-
creased drag on moving dislocations during hot work-
ing in the case of iron—chromium alloys [38]. Impur-
ities also have a pinning effect on dislocations in the
subgrain boundaries [64—65]. Gettering of impurities
with elements such as titanium weaken subgrain
boundaries, due to absence of boundary interstitials
[60,64]. The presence of second phase dispersions of
carbides of titanium [66] and chromium [38] hinder
dynamic recovery and stabilize an augmented sub-
structure density. The subgrain size developed at a
constant flow stress is refined by the presence of car-
bides with small interparticle spacing.

Duplex subgrain structures have been reported dur-
ing early stages of deformation [45], large subgrains
present in grain interiors with fine subgrains near grain
boundaries where compatibility imposes additional
constraint. This is shown in Figure 2 for etch pitted
Fe-3Si which was deformed 20% at 643° C. At high
strains, the previously mentioned supersubgrain struc-
ture forms [58]. In plane strain processes microshear
banding (60,67-71] and transition banding [68-70,72]
produce substructure gradients.

The relation of the steady-state subgrain size d, to
the deformation parameters is written as

d;' =B+ Clog Z = (a,/k)'’ )

where B, C, and k are constants and g varies between
1 and 0.5 [1,34,39,40,60]. The strain necessary to de-
velop this steady-state subgrain size depends on the
workpiece composition and processing parameters.
Since alloys are generally stronger than pure iron, the
dependence of flow stress on subgrain size is steeper

Fig. 2. Fe-3Si creep tested to 20% strain (643° C, 48 MPa)
showing fine subgrain structure adjacent to the vertical grain
boundary. [ref. 45]

- ~A

for increasing alloy content [37,38]. An exception oc-
curs in iron containing silicon above 800° C, in which
silicon lowers the strength by increasing mobile dis-
location density [41].

The steady-state dislocation density within subgrains
p. has been shown to bear a one-to-one correspon-
dence with steady state subgrain size [51}:

poad’ ®)

While this relationship has been established for warm
worked austenitic steels in the temperature range of
600° C to 800° C, there is evidence that the same re-
lationship is valid for ferritic alloys [41,46,61]. Be-
cause changes in subgrain size during processing are
associated with changes in dislocation density accord-
ing to equation (8), it has been difficult to separate the
strengthening effects of bulk dislocations and the
subgrain boundaries themselves. Kassner et al. [52,56]
have shown by elevated temperature torsion and sub-
sequent room temperature compression of vy stainless
steel that subgrain boundaries account for about 10%
of the strengthening effect, with major strengthening
arising from dislocation interactions within subgrains.

In warm deformation as in cold, as long as recrys-
tallization does not operate, the grains after axisym-
metric elongation develop a fibrous appearance [48,73]
and after plane strain are pancaked in the same ratio
as the macroscopic shape change [74,75]. The con-
tributions of grain boundaries to room temperature
strength of the post-processed material depends on the
extent of prior deformation. Figure 3 shows Hall-Petch
curves for Armco iron worked at 500° C and at room
temperature [76). For both working temperatures in-
creased straining lowers the slope of the tensile yield
strength versus reciprocal square root of grain size plot,
giving an indication that cold or warm strain harden-
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Fig. 3. Room temperature yield strength of Armco iron as
a function of inverse square root of initial grain size (a) after
room temperature deformation to various strains, (b) after
warm rolling at 500° C (0.43 T,,). [ref. 76]

ing overshadows grain size strengthening. Dadras [77]
has interpreted this to indicate that dislocations and
subboundaries become the dominant barrier to free
dislocation motion.

The effect of warm working on the room temper-
ature strength of « iron is given by the

o=o0,+k,d;”? €)]

relation where p = 1 [34,40,48,60,64,78—80]. The
term o, is sometimes rewritten (o, + k'D, 172 to show
explicitly the grain size contribution to strength [40].
Such substitution is balanced by evidence that subgrains
0.4 wm or smaller are more effective barriers to dis-
location motion than grains of identical size [60]. Sev-
eral empirical relations have been developed to incor-
porate grain and subgrain strengthening as well as extent
of static recrystallization [81] and alloy concentration
[43].

A microstructural feature associated with interme-
diate temperature deformation of pearlitic iron alloys
is accelerated spheroidization of cementite [4,82--89].
This is evident in Figure 4 which shows the effect of
torsional deformation on a eutectoid steel at 700° C.
The eutectoid cementite deforms plastically and dis-
solves at regions of high disorder (subgrain boundaries
and dislocations) to produce spherical particles. The
flow stress declines markedly as spheroidization pro-
gresses and the substructure becomes more recovered.
Cementite particles are smaller for larger Z, in asso-
ciation with smaller subgrains and higher flow stress
[82—84, 86]. For constant conditions of testing, the
volume fraction of carbide rises with carbon content
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Fig. 4. Electron photomicrograph of a commercial grade
eutectoid steel showing various stages of spheroidization as
influenced by torsional deformation at 700° C and 2.4 X
107%s7", 8000 X. [ref. 85]

but the particle size remains constant [86]. At low strain
rates (3.0 X 107> s™") in a high purity eutectoid steel,
the activation energy for accelerated spheroidization
was found to be 178 kJ/mole, similar to the activation
energy associated with static spheroidization [82,87].
Therefore, acceleration of spheroidization during hot
working is not related to a change in mechanism from
static annealing, but rather to an increase in the num-
ber of short circuit diffusion paths due to the intro-
duction of a dislocation substructure. At high strain
rates (0.03 s7), accelerated spheroidization is en-
hanced by an increase in diffusivity associated with
excess lattice vacancies.

Deformation during the transformation from aus-
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tenite to ferrite in hypoeutectoid* steels (continuum
rolling) results in grain refinement and carbide pre-
cipitation on subgrain boundaries, avoiding the for-
mation of pearlite entirely [90-92]. This distribution
of fine particles stabilizing a refined substructure leads
to a higher strength and toughness than those of the
pearlite and undeformed ferrite.

Isothermal hot working of ferrous metals in the a
+ y range has been reported for the case of duplex
stainless steels and carbon steels in the intercritical
temperature range. In a duplex stainless steel at 900° C
at strain rates up to 0.038 s™', the flow curves exhibit
monotonic hardening to strains of 0.5 with both phases
undergoing dynamic recovery [93,94]. Only at 0.38
s~ does the austenite undergo dynamic recrystalliza-
tion causing a peak in the flow curves. The ferrite ex-
hibits a high degree of dynamic recovery. It is pos-
sible that at lower strain rates the ferrite carries a larger
share of the strain so dynamic recrystallization is not
triggered in the austenite {93]. Similar results have been
obtained for FERRALIUM 255 duplex stainless steel
at low (0.05 s~') and high (5 s™') strain rates in the
temperature range 950° C to 1100° C [95]. In a duplex
stainless steel studied across the entire range of phase
fractions, the flow stress was lower than the law of
mixtures and even showed a minimum near 75% o
[96]. Examination of the grains of the two phases in-
dicated that the ferrite carried significantly more strain
at a fraction of 30%. At higher fractions, both phases
carried less than the average strain as a result of en-
hanced grain boundary sliding. This effect appears to
be the closest that & + y mixtures come to superplastic
behavior, which is in contrast to that in @ + f titanium
or zirconium alloys to be described later.

A study on a carbon steel showed that the flow stress
of an @ + y mixture depends on the shape of the phases
[97]. In equiaxed a + 7y produced by heating up into
the two-phase region, the flow stress falls below the
value of a mixture and close to the value of the ferrite.
In a structure produced by cooling such that the ferrite
occupied austenite grain boundaries, the stress was
much higher. This was true at 70% ferrite, but on
heating from 800° C to 825° C where the ferrite con-
tent is about 30% there is not a difference in stress on
heating or cooling. This occurs because the ferrite is
no longer able to assume a larger portion of the strain.

Heot Ductility of a-Fe

A brief statement on hot ductility is needed to clarify
the diverse effects of various testing methods and ini-
tial microstructures. Failure in forming depends strongly
on the stress state induced and this is reflected in test-

*Carbon concentrations lower than the eutectoid composition
of approximately 0.8%.

ing {2,9]. Tension, because of necking, gives an un-
derestimate of ductility compared to process behavior;
torsion, being pure shear, gives an overestimate and
compression often provides no information when it is
limited to uniform strains without hoop cracking. The
cast structure usually exhibits low ductility because of
segregation and coarse grains and may vary widely
with location in the ingot. However, once the cast ma-
crostructure is broken down by one or two stages of
30-50%, the homogenous, equiaxed worked structure
exhibits much higher ductility (which is the behavior
reported later), usually of 60—100% tensile elonga-
tion and torsional true strains of 10—100. The mecha-
nisms of failure usually include grain boundary slid-
ing, cavitation, and triple junction cracking which may
be drastically enhanced by segregated solutes or phases
[2,9]. In addition to these, superplastic behavior can
give rise to good workability, notably elongations of
100-800%, with failure possibly due to cavitation [17—
26].

Improvements in ductility by hot working ferritic
alloys arise from several sources. Outside the blue brittle
regime, additions of up to 0.01 carbon increase the
ductility by reducing the volume fraction of oxide par-
ticles, but if more than that, decrease it as the volume
fraction of carbides rises [86]. The ductility rises re-
markably at high temperatures, because the highly re-
covered grains are able to accommodate grain bound-
ary sliding [9]. In Fe-25 Cr, torsional ductilities of
between 200 and 650 have been obtained in the tem-
perature range 900° C to 1000° C [98-101] although
it is reduced significantly at slightly lower tempera-
tures by trace impurities, principally oxygen [38]. Ad-
ditions of aluminum [66] and manganese [61,62] do
not affect ductility greatly. An exception is Fe—8Al at
temperatures near 700° C, in which grain boundary
cracking occurs {66]. Termed red shortness or a mid-
range ductility minimum, this phenomenon is ex-
tended to lower temperatures by additions of up to 5%
nickel. Nickel additions greater than 5% produce em-
brittlement over the range 500 to 800° C. The crack
initiation in Fe—8Al caused by localization of defor-
mation at grain boundaries {101] can be eliminated
through addition of fine second-phase particles such
as titanium carbide [66]. When chromium or nickel
are present, addition of manganese extends the blue
brittle range by about 100° C [61,62].

Upon heating, austenite is formed, initially in as-
sociation with segregation at grain boundaries. The
ductility of the multi-phase iron decreases rapidly due
to the presence of hard vy particles {4,37,41,86,102—
104]. Minimum ductility occurs at about 80% austen-
ite which has only one-half to one-third the ductility
of ferrite [4,37,41]. At a common temperature the
strength of vy is higher and its ductility is lower than
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those of « because of the lower self diffusivity and
stacking fault energy of the fcc lattice (4,37,41,86,103].
A similar behavior is found in mixtures of & and y
iron except that the effects appear on cooling. As the
carbon content increases, the ferrite’s ductility is di-
minished by the increasing cementite fraction so that
at 0.4% carbon the ductility below the transformation
temperature equals that above it of the y phase which
is enhanced by the carbon in solution. For higher car-
bon contents, the austenite is more ductile than the
ferrite [86].

Billet geometry appears to play an important role
in formability in the warm working range. For the case
of rolling, Schey [105] has predicted that “alligator-
ing” fracture, separation parallel to the rolling plane,
occurs when the ratio 4 of the billet thickness to the
roll contact length equals two. Sherby et al. [106]
measured this ratio as a function of warm rolling strain
for AISI 1020 steel rolled at 5 to 10% reduction per
pass at room temperature and 500° C. The critical value
of A was two for rolling at room temperature, but de-
creased towards unity as the temperature increased to
500° C, Figure 5. While this type of fracture behavior
arose from residual stresses from the deformation pro-
cessing, the structural dependence of rolling plane
fracture has not been established. In Hypereutectoid
steels rolled to large pass reductions at 300° C to 500° C,

wavy crack “unzippering” separates the billet on a plane
containing the rolling direction and the thickness di-
rection [106]. In addition, “edge cracking” associated
with secondary tensile stresses is relatively common
in warm rolling of a-Fe alloys.

Texture Effects

Because extensive recrystallization does not occur
during most warm working, crystallographic textures
develop [81,107-116). For small strain, isothermal,
multiple pass deformations, the texture development
is similar to that observed during room temperature
deformation. This development has been described by
Dillamore and Roberts {107] to be initially (112)(110},
which gradually shifts toward the (100)(110) texture.
This has been observed by several investigators [117-
119]. For the case of total rolling reductions as large
as 98%, the intensity of (100) poles parallel to the
short transverse direction has been shown to increase
linearly with rolling strain independent of temperature
in the range of 590° C to 650° C [115]. When the de-
formation is imposed as a single pass, a different type
of texture develops. Hawkins (109,114] has shown for
low carbon steels rolled at 600° C to strains of ap-
proximately 1 that a texture forms with (100) poles
parallel to the short transverse direction but with oth-
erwise random orientation, Figure 6. For axisymmet-
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Fig. 5. A plot of the ratio of the billet thickness to roll contact length for multiple pass rolling of mild steel. Failure
by alligatoring occurs within circled regions on the plot for cold and warm rolling. Alligatoring can be prevented
by avoiding these regions, as can be noted by the lines extending to mean strains of two. [ref. 106}
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o (100) [110]
a (111)[Mo]
a (111) 113]

Fig. 6. (200) pole figures for mild steel of two carbon contents rolled at 650° C in a single pass to a thickness strain of
0.96. (a) as hot worked, (b) 0.11% carbon, (¢) 0.017% carbon. [ref. 114]

ric extrusion of low carbon steel with ratios of 5 to
10, the (110} fiber texture developed at 660° C is iden-
tical to room temperature deformation [120—122].
Bramfitt and Marder [81] investigated the textures
developed in a hot rolled 1.05 manganese steel con-
taining less than 0.002% carbon. The steels were rolled
under continuous cooling conditions, and the total strain
accumulated below the intercritical range increased with
decreasing finishing temperature between the eutec-
toid temperature and 150° C. The texture of the fin-

ished steel was of the (111)(110) type, and the inten-
sity increased as the finishing temperature decreased,
Figure 7.

Recrystallization

In highly purified irons, the high mobility of the grain
boundaries gives rise to dynamic recrystallization de-
spite a high degree of recovery [36,38]. Dynamic re-
crystallization occurs when Z is less than a limiting
value which is composition dependent. Alloying de-
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intercritical temperature regime. [ref. 81]

creases the limiting value of Z, thereby inhibiting dy-
namic recrystallization. In iron, the activation energy
for dynamic recovery and dynamic recrystallization is
about 280 kJ/mole whereas it was 253 kJ/mole for
self diffusion and 294 kJ/mole for static recrystalli-
zation [36].

When deformation takes place by multiple passes
with significant hold times between passes, static re-
crystallization must be considered as well. This is il-
lustrated by Figure 8, which shows microstructures of
Armco iron rolled at 600° C to total reductions of 63%
and 86% in multiple passes, with 5 minute interpass
anneals [74]. The lower strain material does not show
recrystallization, but the other material is almost re-
crystallized. The mean value of Z for the deformation
has been calculated to be 6 X 10's™', much higher
than the limiting value of Z for even high purity iron.
For this reason, it is unlikely that the recrystallization
shown in Figure 8b is dynamic.

Static recrystallization between passes in multi-
stage hot rolling is important in refining the structure
and lowering the flow stress in the following pass
f11,15]. Compared to y-Fe processing, a-Fe is likely
to exhibit more recovery and less recrystallization for
a given interval, partly because of the reduced oper-

60 -« J. Materials Shaping Technology, Vol. 5, No. 1, 1987

Thermomechanical Processing of Iron

Fig. 8. Influence of rolling at 600° C on the transverse grain
structure of Armco iron deformed to thickness true strains
of (a) —1 and (b) —2. Unlabeled distance markers to the
left of each micrograph indicate the predicted grain dimen-
sion assuming no recrystallization. The large discrepancy
between this dimiension and grain size in (b) is indicative
of recrystallization. [ref. 74}

ating temperature and partly because of its much higher
recoverability both in the previous working and in the
hold period.

The interrelation between dynamic and static re-
crystallization in a-Fe has been advanced considerably
by a number of investigators by use of interrupted hot
compression or torsion testing [123—125]. Generally,
static recrystallization after hot working in the dy-
namic recovery regime is similar to that after cold
working. The time for recrystallization is reduced by
increasing the temperature and strain. In dynamically
recovered Fe—3Si, nucleation sites for static recrys-
tallization were grain boundaries and inclusions [125].
The growth rate of newly formed grains was.found to
be inversely proportional to hold time and independent
of temperature and strain. This contrasts with high pu-
rity irons, in which time-independent growth rates was
measured [124]. The recrystallization behavior of dy-
namically recovered low carbon steel is similar to that
of high purity iron [123].

After hot working in ‘the recrystallization regime,
metadynamic recrystallization proceeds through the
growth of existing recrystallization nuclei formed im-
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mediately prior to cessation of deformation [123,124].
For this reason it takes place without an incubation
period. As these nuclei grow into material which is
heterogeneously strained, the growth rate decreases with
time [124]). Under certain circumstances, classical re-
crystallization may also occur, associated with nu-
cleation at high energy sites followed by subsequent
growth [123]. For both dynamic and static recrystal-
lization, the grain size is inversely proportional to
(stress)*?, independent of temperature [124]. Meta-
dynamic grain size is usually larger than the grain size
from which it forms [124].

Applications

The primary reason for warm forging [35,126—132] is
a reduction in manufacturing costs associated with lower
heating requirements and conversion from hot forging
to a near-net-shape process. To be specific, warm
working produces less oxidation [128,133-135], less
shrinkage [136], and improved dimensional tolerances
[128,133,136—140]. Warm working has been consid-
ered superior to cold working in reducing press loads
[89,128,133,136,141-144] and enhancing void clo-
sure [145]. Moreover, improved productivity results
from elimination of both preparatory treatments
[128,134,146] and interpass or post-working heat
treatments [128,136,147-149] and even environmen-
tal accommodation of robots [150].

The warm working regime has also been used as
the processing range for ferritic materials which ex-
hibit superplasticity [17,151-154]. Superplastic be-
havior in iron—carbon alloys demands fine grained fer-
rite and a fine dispersion of spheroidized cementite to
inhibit grain growth. The carbon content ranges be-
tween 1.3 to 1.9%. By repeated rolling at decreasing
temperature from vy through the transformation to «,
adequate grain boundary stabilization is achieved by
carbide spherules. Upon heating to 650° C, Walser and
Sherby [152] obtained elongations as great as 760%
in 1.6 carbon steel strained at 6.7 X 107°s™'. These
steels also exhibit y phase superplasticity but have lower
ductility due to dissolution of some stabilizing iron
carbide [151,152].

Primary processing of ferritic iron to produce im-
proved properties is another area of interest. Rolling,
extrusion, and drawing have been focused areas. Im-
provements in ductility and toughness at a given strength
level compared to cold working are the main advan-
tages [46,47,49,76,77,136,146-149,155-164]. This
is illustrated in Figure 9, a plot of the percentage of
elongation versus 0.2% yield strength for cold and warm
rolled Armco iron [76].

The impact behavior of warm worked ferritic iron
has received considerable attention due to an interest-
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Fig. 9. Room temperature ductility of cold and warm (500° C)
rolled Armco iron as a function of yield strength. [ref. 76]

ing delamination fracture mechanism. Figure 10 shows
the impact energy measured as a function of test tem-
perature for a 2.1 manganese~2.9 chromium HSLA
steel which was controlled rolled to a finishing tem-
perature of 750° C and with 80% of the reduction be-
low 800° C [165]. The salient features of delamination
fracture are a broadened transition region instead of
the usual sharp drop associated with the shift from a
ductile failure mode to transgranular cleavage, and
secondary cracking normal to the main crack plane.
The transition broadening is due to splitting in the plane
of the sheet a a result of texture [108, 109, 111-116],
inclusions [126,166—171], grain boundary separation
[81,110-112,172], and elongated prior austenite grains
[167].

TITANIUM AND ZIRCONIUM IN THE B8
BCC PHASE

These two metals are highly similar in having bcc
phases above 0.59 T,, (titanium) and 0.55 T,, (zirco-
nium), and at lower temperatures, hcp phases which
because of low c/a ratios (~1.59 < 1.633 ideal),
undergo both basal and prismatic slip. This produces
relatively good formability and structural toughness.
With appropriate solute additions, alloys of a, a + B
or 3 phases may be stable at room temperature. Their
common alloys are quite different because titanium is
applied principally for strength, toughness, and fa-
tigue resistance in low to medium temperature aero-
space service, whereas zirconium must have good creep
resistance and low neutron cross section for nuclear
applications.

Because the B phases are softer and more ductile
than the «, hot working may be undertaken in either
a, @ + B or B condition. The working temperatures
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Fig. 10. Impact transition curves and fracture appearance of longitudinal and transverse Charpy-V specimens of 2.1Mn-
2.9Cr HSLA steel controlled rolled to a finishing temperature of 750° C. [ref. 165]

and strains may be combined with intermediate or fi-
nal heat treatments in thermomechanical processing to
produce structures with optimized properties; these will
be discussed in the later review devoted mainly to the
hep phases. Here the deformation of S phases are de-
scribed, compared and contrasted with a-Fe. The
working of a + B alloys are considered briefly in so
far as it is related to the behavior of the 8 phases. The
o phase, being stable at low temperatures and stronger
than B, plays a role somewhat like cementite in ferritic
steels; however, it may appear as retained primary phase
a, (equiaxed at grain boundaries, GB), as precipitated
GBa, or as Widmanstatten matrix precipitates (but never
as eutectoid plates). While the « is inherently more
formable than the carbide, it often reaches much higher
volume fractions- as the temperature decreases and its
different crystal structure and texture make slip trans-
fer from S difficult and induce anistropy.

62 - J. Materials Shaping Technology, Vol. 5, No. 1, 1987

Deformation of B Titanium Alloys

In the hot deformation of becc S titanium alloys, the
[flow curves exhibit a monotonic increase to a steady-
state regime Figure 11a, {173—-177]. The B phase is
softer for a given Z than the a phase [27,28,178], hav-
ing a lower power-law exponent (r = 4.0) (Figure 11b)
and a much lower activation energy in the range 137
[177], 153 [28.177), and 171 kJ/mol [179] as com-
pared to 185-242 kJ/mol [27,28,176,178]. This re-
flects the rapid diffusion rate in the 3, which is about
two orders of magnitude higher than other bcc metals
(Qr = 153 kJ/mol, about one-half normal for bcc)
[27,28). Rapidly cooled microstructures consist of
elongated grains with well-developed substructure
[173,180-184]; slow cooling leads to static recrystal-
lization [183]. The hot worked substructure develops
more strongly near the grain boundaries and spreads
inwards; it is fairly resistant to recrystallization,
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Fig. 11. (a) A flow curve of beta titanium tested in tension
at 1200° K and 2.2 X 10735, showing corrections for the
reduction in cross-sectional area and for changes in true strain
rate. (b) The stress—strain relationship for beta titanium be-
tween 1200° K and 1300° K. [ref. 177]

undergoing static recovery at the forming tempera-
tures as in other bcc alloys. Static recrystallization
usually starts near the grain boundaries, or at shear
bands, but goes to completion very slowly because of
static recovery of the interior. Static recrystallization
is enhanced by high strains and by annealing temper-
atures above that of deformation [185,186]. This mi-
crostructural evidence indicates that the observed peak
stress and work softening likely arise from structural
changes other than dynamic recrystallization.

Working of Titanium a + f Structures
In the hot deformation of @ + B structures at high
€, both the « [187] and B [180,188,189] become elon-

Thermomechanical Processing of Iron

gated and develop substructures and independent tex-
tures. When « particles are isolated within large 8
grains, the behavior is essentially that of 3 phase with
increased flow stress due to the hard a [190]. For
equiaxed a and B, in alloys such as Ti—-6Al-4V
[190,191] and Ti—-6Al-2Sn—4Zr-2Mo-0.1 Si, the flow
stress rises to a steady-state plateau and the activation
energy is about 150 kJ/mol similar to 8 phase
[180,186,189,192]. However, similarly deformed la-
mellar @ + S (air-cooled B) exhibits a peak with work
softening to the same plateau as the equiaxed a + 8
under the same conditions [192,193].

Lamellar or Widmanstatten a in a 3 matrix is re-
fined by segmentation during deformation and an-
nealing at 950° C; the aspect ratio can be reduced from
20 to 3 by strains of about 1 {181,189,193,194]. The
a plates are divided along their length by either shear
bands with large misorientations or by subboundaries.
Annealing leads to static recovery and 8 phase pen-
etrates down the low angle boundaries and separates
plates up to 7 pm thick (Figure 12) {186,194]. This
mechanism has much similarity to the spheroidization
of cementite in warm worked pearlitic steels; however
the cementite plates are less formable and are in much
lower, constant volume fraction.

Superplasticity and Hot Ductility

When the equiaxed o + B structure is very fine, de-
formation at strain rates below 1072 s~ gives rise to
an almost unelongated structure [190,193,195-197]
accompanied by high values of strain rate sensitivity
m and large elongations [179,197-199]. This super-
plastic behavior is associated with a strength about one-
third that of normal material. However, substructure
and high work hardening rates are often observed, es-
pecially at higher strain rates [197,198]. Superplastic-
ity, as found in Ti-6Al-4V and Ti-5Al-2.58n, is

18 T T T =1
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Fig. 12. Effect of post extrusion annealing time on the mean
and range of aspect ratio values of coarse alpha plates in
titanium. [ref. 194]
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limited to the @ + @ region and is enhanced where 8
volume fraction and diffusivity are high {23,24,200].
In the B regime (Ti-8Mn, Ti—15Mo, Ti—13Cr-11V-
3Al), superplasticity is found in association with
subgrain formation, grain boundary serrations, and grain
pinching off under conditions of strain rate cycling up
into the dislocation creep regime [24].

The hot ductility of titanium alloys is very high in
the 3 phase with tensile elongations of 90-100% (Fig-
ure 13) [174,175]. The ductility is unaffected by cool-
ing rate and by strain rate between 1.5 and 25 s~' which
likely represents the peak range. The mechanism is
ductile with almost no grain boundary cracking. The
ductility diminishes to 30% on cooling into the 8 +
a transformation region (Figure 13) [174] as a result
of intergranular fissuring, which usually nucleates at
interfaces with GB «. The fracture becomes entirely
blocky; however, the faces have small dimples indi-
cating localized flow in the 3 phase [175]. On the other
hand, the ductility of @ + f is usually very high when
the structure is more refined, the temperature near
700° C and the strain rate low to give to the super-
plastic regime [180].

One industrial objective of B hot working is the
production of uniform, fine grains. Working to small
strains ~30% tends to give substructure gradients from
edge to center of the grains so that recrystallization
initiates at old boundaries but does not progress into
the low density dynamically and statically recovered
regions [185,186]. At low temperatures, nuclei also

TEMPERATURE
TEMPERATURE

[ . s & 1 8 ] »
COOLING TIME FROM 1366 K (2000°F), &

Fig. 13. On-cooling hot ductility of Ti-6211. The hot duc-
tility shows a minimum centered at 1400° F and at a cooling
time from 2000° F of 6 seconds. [ref. 174]
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form on shear bands. A “processing window” for re-
fining Ti—10V-2Fe—3Al alloy consists of working in
the range 705-1365° C followed by annealing at higher
temperature after working at either end of the T range
or at lower strains for larger initial grains [185,186].
The B alloy, Ti-15V-3Cr—3Al-3Sn, has the advan-
tage that it can be continuously rolled in the 8 phase
whereas the o + B alloys, such as Ti~6A1-4V, must
be pack rolled on a hand mill with reheating [201].
Because of its bee structure the sheet can be produced
with almost no in-plane anisotropy and with excellent
cold formability. Nominally 8 alloys usually precipi-
tate a particles which are utilized for strengthening.
In both B and a + B alloys working of B through the
transformation has beneficial effects on toughness by
eliminating GB a since homogeneous sites are en-
hanced [188]. In metastable S alloys, high tempera-
ture working also precludes formation of @ phase and
leads to direct nucleation of « particles on dislocations
to improve the ductility and toughness [188]. The
working of B alloys with about 0.1 volume fraction of
primary a, leads to equiaxed a which has much higher
ductility for a given strength then either a higher level
of a, or GB a which leads to strain localization [28].
The varied strength levels are obtained by heat treating
to control the intragranular a precipitate.

Hot Working of 3 Zirconium

The creep rates are much higher in B8 phase zirconium
(Zr) than in «, as in titanium [28]; at the « — B border
on a deformation mechanism map, they rise abruptly
because B phase exhibits power-law creep with n =
4.3 and Q. = 184 kJ/mol compared to n = 6.6 and
QOc = 271 kJ/mol for a. Surveyed stress creep data
for 970-1600° C (Figure 14) confirms the suitability
of a dislocation climb model and a power law equation
with n = 3.8 and Q. = 142 kJ/mol (individual values
range over 134-188 kJ/mol) [179,202].

Hot compression results for B-Zr have been ana-
lyzed by the sinh relationship of equation (3) with n
of 3 and QO of 142 kJ/mol [179,203]. The hot
compression curves at 1000° C at 0.15 s~* for both Zr
and Zr-2.5Nb (niobium) exhibit strain hardening to
plateaus of 10 and 20 MPa, respectively (Figure 15)
[204,205]. This can be compared with an extrapolated
strength of about 25 MPa for a-Zr [207]. The n for
steady-state stress if 4.0 for Zr and 4.2 for Zr-2.5 Nb
(Figure 16a) [204,205]. Zircaloy-2 (1.5S8n-0.13Fe—
0.1Cr-0.5 Ni) has n between 3.6 and 4 and an acti-
vation energy of 143 kJ/mol [207]. With addition of
12,000 ppm O, the behavior is little changed but the
strength increases in proportion to exp [0.34 (% 0)] in
comparison to exp [0.57 (%0)] for a. The tests showed
that the activation energy varied from 120-150 kJ/
mol and n from 3.1 to 3.7 [207-209]. The first stage
in production of Zr—2.5Nb pressure tubes is 3 upset-
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ting of ingots followed by rapid cooling to refine the
a phase.

Alloys with niobium contents of 10, 15, and 20%
were examined to determine the properties of the
metastable B phase in 2.5 Nb alloys. At 925°C, 1.5
X 107357, the strength of 10 Nb is about 40 MPa
compared to 10 MPa for 2.5 Nb [205]. The curves
show a definite strain softening (Figure 15b) which is
thought to result from the disintegration or overaging
of Nb clusters which form as a result of the miscibility
gap. No dynamic recrystallization is observed. This
analysis is supported by the rise in strength resulting
from annealing between stages of deformation, which
reforms the clusters; this varies from 50% increase at
825° C to 10% at 1025° C [205]. Alloys with 2 to 6%
molybdenum are 4 to 8 times stronger than B-Zr at
strains at 0.7 (Figure 16b) [210]. They exhibit anom-
alously high yield stresses as a result of formation of
an a layer due to oxygen contamination; flow soft-
ening takes place as slip destroys the effectiveness of
the layer.
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Hot Deformation of Zirconium « +

Structures

In high rate hot compression (850--970° C) of Zirca-
loy-2, the @ + B behaves like a simple mixture com-
posite in which each phase deforms at the same rate
and develops the appropriate stress according to its
power law [207,211). With grains above 30 um, m
values are 0.2 to 0.25, with a peak in m at about 25%
B which is related to formation of continuous 8 phase
[208,209]. In Zircaloy-4 (Zr—1.4Sn—-0.21Fe-0.1Cr)
from 840-970° C for rates greater than 3 X 107° 57/,
the (¢ + B) material has a hot work activation energy
of 155 kJ/mol which is similar to 8 phase {202]. In
Zr-2.5Nb at 85% B (875° C), the strength is about
one fifth that of 85% « (725° C) and is the condition
for extrusion of pressure tubes [212-214]. After o +
B deformation in both Zircaloy-2 and Zr—2.5Nb (600—
900° C), static softening occurs up to 40% by recov-
ery in 10 s and completely by recrystallization in
600 s [215]).

In specimens of Zr—2.5Nb with about 15% « in the
form of Widmanstatten plates there is marked flow
softening due to realignment and spheroidization of the
« plates [212,215]. The relative softening is greater
for thinner a plates and at lower ¢, with occurrence
of greater spheroidization. For strain rates of 107%s™',
the value of m was 0.23 at the peak stress declining
to 0.2 at £ = 0.8 [215]. In Zircaloy-2 with equiaxed
grains, flow softening is not observed and m values
lie between 0.2 for a and 0.3 for 8 [208]. Such flow
softening is similar to that taking place in lamellar (a
+ B) titanium alloys and in the spheroidization of
pearlite.

In Zr-2.5Nb, a yield drop is found when 8 is a
significant proportion and has a high Nb concentration
due to partitioning [203,212]. The yield drop is re-
stored by annealing/aging which re-establishes the
clusters; this is enhanced by the presence of a sub-
structure [212]. In Zircaloy-2 (Figure 17), the yield
drop rises as the B fraction increases to 0.5-0.8 due
to formation of Zr(FeCr), zones [209,215].

Hot Ductility and Superplasticity

For Zircaloy-4 at 107%s™", the elongation is 90-100%
for B phase at 1200° C, declines to 65% at 900° C in
a + B condition but rises to 75% at 750° C in the «
phase [217]. At a rate below 107%™, the ductilities
of a or B8 phase are as above, but that of o + 8 in-
creased to 140% indicative of superplasticity. Zr-2.5Nb
shows similar behavior with peaks of 550% and m =
0.45 in the @ + B region (107% to 107*™") centered
at 800° C (Figure 18) in the upper half of the a + 8
region indicating that a high proportion of soft 8 phase
is necessary [218,219]. At the maximum ductility, the
deformed material is characterized by equiaxed grains
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[218,219] and a flow stress minimum about 20% be-
low that of the 8 phase [220]. At ¢ < 107" in Zir-
caloy-2, superplasticity, with m = 0.4-0.55 and Q =
57 kJ/mol, is observed in refined two phase alloys
notably when B exceeds 50% [202,215-217].
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Fig. 18. Temperature and strain rate dependence of the per-
centage of plastic elongation for Zr—-2.5Nb. [ref. 218]

BCC REFRACTORY METALS

The bee refractory metals molybdenum (Mo), tung-
sten (W), niobium (Nb), and tantalum (Ta) respond to
deformation similar to « iron, demonstrated by the
similarity of their deformation mechanism maps, Fig-
ure 19 [27]. The structural changes associated with
high temperature deformation of molybdenum involve
a transition from jogged and tangled cells at high
stresses and low temperatures to well-defined subgrains
at low stresses and high temperature, Figure 20 [221].
The subgrain size of arc-cast molybdenum varies with
stress raised to the —1 power for low stresses (o <
10’E, subgrains) and —2 power for high stresses (o
> 107°E, cells), Figure 21. Similar stress dependence
on subgrain size in ferrous metals has been reviewed
by Young and Sherby [60]. Molybdenum and tungsten
alloys benefit from thermomechanical treatment al-
though little has been published on their hot working.

The importance of substructure in high temperature
deformation of refractory metals is illustrated by Mo—
S5W which is given a thermomechanical treatment of
swaging, recrystallizing, and variable swaging. A
change in strain from 20 to 80% decreased the creep
rate by a factor of 10 at 1100° C and of 40 at 1400° C.
The extent of strain did not alter the subgrain size (~2
pm) but the average subboundary misorientation in-
creased from 0.2 deg at 20% to 0.8 deg at 50%
[33,222]. A similar increase in creep resistance was
observed in Mo precrept over a range of T, €, and ¢
in which the subgrain size varied from 3.2 to 5.7 pm
and the misorientation angle » from 0.1 deg to 1.2
deg (¢ = 0.1 and 0.8, w = 0.411 + 0.997¢). Rosen
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Fig. 20. The transition from cell structure to subgrain structure with increasing tem-
perature for arc-cast molybdenum, relative to a deformation mechanism map. [ref. 221]
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et al. propose a model in which only subboundaries
with a misorientation exceeding a critical value con-
tribute to strengthening. The effective subgrain size is
defined by these strong subboundaries {223]. The creep
resistance of molybdenum alloy TZM is also im-
proved by thermomechanical processing [224]. The
mechanism is similar to that described previously for
Mo-5W. An additional effect is resolutionizing and
reprecipitation of precipitates on subgrain boundaries.

CONCLUSIONS

Hot working of the bcc metals « iron, 8 titanium, 3
zirconium, and the refractory metals in the absence of
recrystallization is associated with a monotonic in-
crease in stress to a plateau value. The strain rate and
temperature dependence of stress is given by the tra-
ditional power, exponential, or sinh functions of the
temperature compensated strain rate, or Zener—Hol-
loman parameter. Flow softening, which resembles
dynamic recrystallization, occurs as a result of spher-
oidization of a second phase, conversion to a softer
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texture or strain aging. The resulting structures consist
of elongated grains containing an equiaxed dislocation
substructure which increases in size and definition with
increasing deformation temperature.

Superplasticity is found in two phase metals under
specific conditions of strain rate and stress. It is as-
sociated with ferrous alloys containing 1 to 2% carbon
and duplex titanium and zirconium alloys consisting
of greater than 50% .

Thermomechanical processing (TMP) of ferrous al-
loy centers around spheroidization of pearlite and near-
net shape forming. B-Ti and B-Zr transform on cool-
ing, so TMP produces spheroidization of a + B la-
mellae and cooling rate-dependent room temperature
structures. The presence of substructures in $-Zr, as
well as in molybdenum alloys, dramatically improves
the resistance of the metals to creep.
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