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To elucidate the mechanisms determining the creep resistance of high-speed steels during tool 
service, overtempering at 600 ~ has been investigated for two alloys modeling the matrix 
compositions of AISI M2 and T1. Composition changes and coarsening of the secondary hard- 
ening precipitates were studied by transmission electron microscopy and field-ion microscopy 
with atom probe analysis. Strengthening in the peak-hardened state is due to coherent precip- 
itates of types M,C and MC. During overtempering, M~C coarsens too rapidly to be of impor- 
tance for the sustained strength of the material. The MC precipitates, on the other hand, are 
fairly stable. Some coarsening does occur, but the MC population is replenished by a second 
wave of precipitation which makes use of the roughly 50 pct of carbide-forming elements, 
carbon, and nitrogen, which remained in solid solution after tempering to the peak-hardened 
state. This precipitation reaction continues for times of the order of the tool life. 

I. I N T R O D U C T I O N  

T H E  high-speed steels are among the strongest and 
most wear-resistant iron-based alloys known. Their mar- 
tensitic matrix is strengthened by secondary hardening, 
which produces fine, coherent precipitates t]l of 
types MC and M2C. These precipitates are of  the order 
of a few up to some tens of nanometers in size. Atom 
probe analysis in the field ion microscope of a wide range 
of alloys has shown that both types of precipitate contain 
(Fe + Cr) and (Mo + W) roughly in the ratio 1: 1, the 
elements in each pair being mutually exchangeable to a 
large extent. [-'1 A characteristic difference between the 
two types of precipitates concerns their vanadium con- 
tent, which is about 30 at. pet in the MC particles and 
only half as much in the M2C phase, t2 8] Enclosed in the 
precipitate-strengthened matrix are large ("blocky") car- 
bides, of the order of 1 to 10/xm, which have remained 
undissolved during austenitization. They are important 
for the wear resistance of the steels, but they are not 
affected by the overtempering process. 

For satisfactory service in metal cutting, the matrix 
must be strong enough to keep the blocky carbides in 
place and to prevent blunting of the tool edge by plastic 
flow or creep. During operation, a large portion of the 
tool is heated to temperatures above that of the second- 
ary hardening treatment (typically 550 ~ At moderate 
cutting speeds, the temperature field around the cutting 
edge has a local peak at 700 ~ not at the edge itself, 
but at the point of maximum frictional contact between 
the chip and the tool. This is due to the fact that the 
work material acts as a large volume heat sink. [9] To 
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understand tool performance, the behavior of  the pre- 
cipitate population at temperatures between 550 ~ and 
700 ~ is of  interest. 

The composition of the secondary hardening precipi- 
tates is fairly well known from atom probe field ion mi- 
croscopy (APFIM) work, (2"~-sl but only in the state of 
peak hardness after tempering at 550 ~ Little is known 
about their fate during overheating at typical service 
temperatures. Strong overtempering was used to facili- 
tate the study of the carbide precipitates in Kuo 's  clas- 
sical work by X-ray diffraction I]~ and, similarly, in 
early studies by transmission electron microscopy 
(TEM). c~ 2.~ 3] The temperature dependence of carbide pre- 
cipitation and coarsening has been studied systematically 
by TEM for model alloys of Fe-C with W, Mo, or V 
added singly or in simple combinations, tt4"~5"~l and there 
are also studies of  isothermal overtempering of such 
steels. ItT]SI However,  the processes occurring in actual 
(multicomponent) high-speed tool steels during long 
heating in the range of service temperatures have not been 
studied by modem analytical methods, with the single 
exception of some results on overtempering at 700 ~ in 
Reference 5 and recent work in one of our groups. 1191 At 
700 ~ the alloys soften in a matter of  minutes. There- 
fore, the overtempering process was studied at a less ex- 
treme temperature, 600 ~ where softening is slow 
enough to allow comparisons with practical service lives. 

Many metal cutting operations involve cyclic loading, 
and in these cases, high-temperature fatigue strength may 
be of equal or even greater importance than the static 
hot strength of the matrix. Other mechanisms which may 
become important in certain tooling applications are re- 
lated to the weakening of internal boundaries by impu- 
rity segregation or carbide precipitation. In this article, 
we direct our attention exclusively to the hot strength of 
the matrix, which we consider to be a basic factor in all 
tool applications, especially in uninterrupted cutting. 

II .  E X P E R I M E N T A L  

Two archetypal high-speed tool steels, AISI M2 and 
AISI T I ,  were selected for this study. Their nominal 

METALLURGICAL TRANSACTIONS A VOLUME 23A, JUNE 1992--1631 



compositions are given in Table I_ Atom probe field ion 
microscopy and TEM were used to study the behavior 
of the secondary hardening precipitates during iso- 
thermal annealing at 600 ~ 

Field ion microscope specimens have the form of thin 
needles. Thcy must have a smooth surface to survive the 
intense mechanical stress which arises when the field is 
pulsed to remove surface atoms for analysis in the atom 
probe. Blocky carbides cause surface roughness during 
the preparation of the specimens, and a large percentage 
of the needles may be broken halfway during analysis. 
To avoid this, the APFIM specimens were prepared from 
special alloys made to the composition of the matrix that 
encloses the blocky carbides in the actual tool materials 
and which are thus free of blocky carbides; the matrix 
compositions are known from earlier studies.12~ These 
alloys will be termed matrix model alloys, M(M2) and 
M(TI);  their compositions and those of similar alloys 
used in earlier work TM are stated in Table I. The alloys 
were induction melted in the form of 20-kg ingots of 
110 • !10 mm -~ section size and hot-worked to 20 • 
20 mm-" bars. Specimens of 10 • 20 • 20 mm 3 were 
cut from these bars after soft annealing. The specimens 
were given the heat treatment that is usual for the tool 
steels they represent: austenitizing at 1200 ~ for M(M2) 
and at 1240 ~ for M(T1), followed by quenching and 
triple tempering for 60 minutes at 550 ~ for both alloys. 
The resulting hardness was 63 HRC = 815 HV]0 for 
M(M2) and 60 HRC = 725 HV,) for M(T1). These val- 
ues are below those of the actual tool steels in the peak 
hardened state because the hardness contribution of the 
blocky carbides is missing. 

After the standard triple tempering treatment at 
550 ~ the alloys were isothermally overtempered at 
600 ~ Spccimcns for an',dysis by APFIM and TEM were 
prepared in the normal way. t4j The energy-compensated 
APFIM instrument used, as well as the APFIM proce- 
dure, have been described elsewhere. 1"-'-'2"-~3] To obtain 
statistically significant results, all precipitates in the FIM 
image were analyzed. Those large enough were also ana- 
lyzed by scanning transmission electron microscopy with 
energy-dispersive X-ray analysis (STEM-EDX). 

The microstructural investigation was complemented 
by hardness measurements after different times of over- 
tempering. The measurements were made using a Vickers 
diamond indenter in a Zwick 3212B Universal Hardness 

Tester, following standard procedure as laid down in the 
German standard DIN 50133, with a load of 98.1 N 
(= 10 kg, as signified by the symbol HV~0). Hardness 
values reported in this article are the mean of five mea- 
surements. In addition, the change of electrical resistiv- 
ity during overtempering was measurcd, using cylindrical 
specimens of 5-ram diameter and 30-ram length in a four- 
contact arrangement with a Keithley 228 precision cur- 
rent supply and a Keithley 181 nanovoltmeter, with a 
precision better than 0.02 pet. 

II1. R E S U L T S  

A remark about nomenclature must be made before 
presenting the results. In the context of this article, the 
meaning of the term "matrix" depends on the level of  
image resolution. The matrix model alloys represent the  
matrix found between the blocky carbides in the actual 
tool materials. In this statement, the term matrix is used 
in a ~macroscopic" sense, i .e. ,  on the resolution level 
of the optical microscope, as is customary in the tool 
steel literature. The chemical composition of this 
(macroscopic) matrix includes the secondary hardening 
precipitates. 

On the resolution level of FIM, we study the matrix 
found between the secondary hardening precipitates. Its 
composition excludes the contribution of these particles. 
To avoid signal contributions from the precipitates in de- 
termining the composition of this (microscopic) matrix, 
the APFIM probe spot had to be moved, slalom fashion, 
between them. 

The effect of overtempering at 600 ~ on the hardness 
of  the triple tempered matrix model alloys is shown in 
Figure 1. Up to 100 minutes, there is no significant loss 
of hardness (and, as will be shown, no significant change 
in microstmcture). However, the electrical resistivity data 
presented in Figure 2 indicate that some changes are tak- 
ing place in the material. The onset of  softening after 
100 minutes is paralleled, approximately, by a change 
in the rate of the resistivity drop between 100 and 
300 minutes. Even the crossover of  the hardness curves 
of alloys M(M2) and M(TI)  at about 700 minutes of  
overtempering is duplicated (at somewhat longer times) 
in the resistivity curves. 

As originally tempered at 550 ~ both matrix model 

T a b l e  1. C o m p o s i t i o n s  o f  S tee l s  S t u d i e d  

C W Mo V Cr Fe 

Tool stecl grades: 
AISI M2 (nominal), wcight percent 
AISI TI (nominal), weight percent 

Matrix model alloys: 
M(M2), weight percent 
M(M2), atomic percent 
M(T l), weight percent 
M(T 1 ), atomic percent 

Earlier matrix model alloys: Izl 
M(M2), atomic percent 
M(TI), atomic percent 

0.9 6 5 2 4 bal. 
0 .8  18 - -  1 4 bal.  

0.55 3.93 3.57 0.99 4.63 bal. 
2.60 1.22 2.12 1.10 5 06 bal. 
0.44 7.29 0.55 0.69 4_ 11 bal. 
2.12 2.29 0.33 0.78 4.57 bat. 

2.9 1.2 2.1 1.1 4.6 bal. 
2.2 2.3 0.2 0.7 4.3 bai. 
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Fig. I - - E f f e c t  of  overtempering at 61)0 ~ on the hardness (measured 
at room temperature) of  HSS matrix model alloys M(M2) and M(TI ). 
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Fig. 3 - - T E M  micrograph of  alloy M(M2): lath martensite (L) with 
small amounts  of  plate manensi te  (P). 
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Fig. 2 - -  F.ffect of  overtempering at 600 ~ on the electrical resistivity 
(measured at temperature) of  HSS matrix model alloys M(M2) 
and M(TI).  

alloys consist predominantly of lath martensite 
(Figure 3). In accordance with its lower carbon content, 
alloy M(T1) has a lower fraction of plate martensite (ap- 
proximately 10 pet) than alloy M(M2) (approximately 
20 pct). Transmission electron microscopy images 
(Figure 4) of overtempered specimens clearly show the 
MC carbides but not the MzC carbides, whose weak and 
streaky reflections are too close to those of MC for se- 
lective dark-field imaging. Only at overtempering pe- 
riods between 1000 and 3000 minutes, when the size of 
the M2C particles increases dramatically, do these prc- 
cipitates become clearly discemable in TEM (Figure 5). 
M3C carbides are found at the lath boundaries (Figure 6) 
in both alloys at early stages of overtempering, but they 
disappear at times beyond 100 minutes. 

After the longest overtempering periods, small amounts 
of MTCj could be identified in both materials (Table ll). 
Their morphology was different from the MC and M2C 
precipitates, and their size was larger. These coarse pre- 
cipitates point toward an incipient approach to equilib- 
rium, but they will not influence the strengthening of the 

Fig. 4 - - M C  carbides in alloy M(M2). TEM dark-field images using 
(Il l)Me reflection: (a) 100 min and (b) 3000 rain at 600 ~ 

matrix and are therefore of secondary interest in the present 
context. They may, however, embrittle the material, being 
mostly situated at internal boundaries, and this may 
affect tool performance in interrupted cutting. 

Figure 7 illustrates the changes in the precipitate dis- 
tribution of alloy M(M2) as seen in the field ion micro- 
scope. In the original peak hardened state and for the 
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Fig. 5--Coarsened M,C carbides at a lath boundary in alloy M(M2) 
after 3000 min at 600 ~ TEM dark-field image using (1101)M,c re- 
flection. 

Fig. 6 - - M j C  carbides at a lath boundary in alloy M(M2) after 
100 min at 600 ~ (a) TEM, bright-field image and (b) TEM dark- 
field image using (020)M~c reflection. 

first 100 minutes of  over-tempering (Figure 7(a)), the in- 
terior of the laths contains a dense distribution of pre- 
cipitates, which are presumably situated on dislocations. 
The lath boundaries are even more densely populated. 
During overtempering, the boundary precipitates be- 
come coarser and more numerous, until thick bands of 
agglomerated particles are formed at the boundaries 
(Figure 7(b)). In the final stage, the coarsening of the 
boundary precipitates has progressed to such a degree 
that the boundaries are no longer continuously deco- 
rated, and strong coarsening has reduced the number of  
precipitates in the interior of  the laths (Figure 7(c)). Note 
that this reduction of the number density of intra-lath 
precipitates occurs in the stage in which the hardness 
starts to drop significantly: at 100 minutes (Figure 7(b)), 
the precipitate density within the laths is still as high as 
initially, and in some places even higher; at 300 minutes, 
it has begun to decrease. 

An attempt has been made to quantify typical particle 
dimensions and number densities at various stages of 
overtempering by TEM, and the results are collected in 
Table II. In agreement with the qualitative observations 
by FIM, the number density of the MC particles seems 
to pass through a maximum at I(X) minutes for 
alloy M(M2) and at 300 minutes for M(TI) .  Note that 
the lack of data for M2C at short and intermediate times 
in Table I1 does not mean that such carbides are com- 
pletely absent: for the reasons stated previously, they can 
be detected only by FIM. In our earlier work on precip- 
itates in the peak hardened state in M(M2), t2j the number 
densities of  MzC and MC were in the ratio of 70:30. 
Overtempering at first produces the dense boundary ag- 
gregates shown in Figure 7, which consist mainly of M2C 
with a small admixture of MC. Prolonged overtempering 
then coarsens the M2C particles so strongly that finally 
their number density falls below that of the more slowly 
coarsening MC precipitates (Table II). 

In alloy M(TI) ,  the coarsening process seems to pro- 
gress in a similar fashion, although at all stages, the lath 
boundaries are less strongly decorated than in M(M2) 
(Figure 8). However,  the kinetics differ. In spite of  the 
low V content of  M(TI) ,  the initial population density 
of MC is higher in M(TI) ,  on an absolute scale, than in 
M(M2). In the peak hardened state, 12j MC particles were 
preponderant over M2C in the ratio 60:40,  in contrast to 
M(M2). This may be related to the fact that the MC par- 
ticles in M(TI)  are especially rich in Cr, which, as dis- 
cussed elsewhere, 121 reduces the lattice misfit and lowers 
the nucleation threshold. On the other hand, the for- 
mation of M2C is hindered in M(T1) by the lack of the 
p r e f e r r e d  M2C former, Mo, L21 and the slower diffusion 
rate of W. IjS1 As in M(M2), the MC population in M(TI)  
increases at early stages of overtempering and then passes 
through a maximum, but this occurs later than in M(M2). 
Long overtempering coarsens the M2C particles in a sim- 
ilar manner as in M(M2) so that at 3000 minutes, the 
number density of  M2C is much lower than that of MC. 
At this late stage, in fact, both alloys show quite similar 
number densities for each precipitate type. 

The composition of the precipitates was analyzed by 
APFIM. The results are collected in Table III and are 
illustrated for the case of  M2C in Figure 9. The large 
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Table II. Typical Size, Density, and Distribution of the Secondary Hardening Carbides in the Overtempered State 

Precipitate Density Size 
Alloy Treatment Type ( 10 '5/cm 3) (nm) Distribution 

MC 96 8 x 3 inside lath M(M2) 600 ~ min 
M3C continuous along lath boundaries 

MC 106 13 • 2 inside lath 600 ~ min 
M3C continuous along lath boundaries 

600 ~ rain MC 85 15 • 2 inside lath 

MC 40 21 x 6 inside lath 
600 ~ min M~C 2 90 x 24 inside lath and along lath boundaries 

M7C 3 very few 100 X 60 at grain boundaries 

MC few very fine inside lath 
M~C 400 x 75 inside lath 

MC 38 15 • 2 inside lath 
M~C 150 x 60 inside lath 

MC 78 15 x 2 inside lath 

MC 47 17 x 4 inside lath 
M2C 2 100 x 30 inside lath and along lath boundaries 
M7C 3 very few 400 x 30 at lath boundaries 

M(TI) 600 ~ min 

600 ~ min 

600 ~ min 

600 ~ min 

LB ~ �9 "~" i "_"~Ir 
�9 , ,  ""  , -  . 

%'% " "" t a 
�9 , "  : - : ' -  

a 

,g,r, . ' . r  !~" ' " 
�9 

-,,- 

b 

Fig. 7 -  Field ion micrographs illustrating the coarsening of the secondary hardening precipitates in alloy M(M2); LB = lath boundary: (a) after 
100 min at 600 ~ field of view ~160 nm; (b) after 300 min at 600 ~ field of view ~190 nm: and (c) after 3000 min at 600 ~ field of view 
~160 nrn. 

M,C particles obtained after 3000 minutes of over- 
tempering could be analyzed both by APF1M and by 
STEM-EDX, using extraction replicas to preclude signal 
contributions from the matrix. The two sets of data are 
compared in Figure 9. Carbide compositions at peak 
hardness, taken from our earlier APFIM measure- 
ments, 12j are included in Table III for comparison. Tak- 
ing into account the difference in alloy composition in 
the earlier and in the present work (in particular, the 
present alloy M(M2) had a significantly higher Cr con- 
tent than the one used earlier; Table I), the agreement 
with the present values at short overtempering times is 
satisfactory for MC and quite good for M:C. 

The scatter of the APFIM results at 3000 minutes of 
overtempering (Figure 9) is believed to reflect true vari- 
ations among individual particles, since the precipitates 
analyzed in APFIM were large enough to preclude spu- 
rious matrix contributions or large errors due to counting 

statistics. The M,C phase is, in fact, known to have a 
wide range of  solubility with respect to its various me- 
tallic components. I24~ The STEM-EDX data fall within 
the range of  the APFIM data, with the exception of  Cr. 
Note that the error bars shown in the figure represent 
one standard deviation only. 

Fewer measurements were made for the MC precipi- 
tates (Table III), and being based on lower total counts, 
their reliability is inferior to that of the MzC data. This 
may explain the poorer agreement of the present data for 
short periods of  overtempering with those for the peak 
hardened state from our earlier measurements, which are 
included in Table III. The data suggest a trend for the 
W content of the MC precipitates, which is remarkably 
low initially and after short times of overtempering, to 
increase during prolonged overtempering. Beyond this 
trend, no conclusions seem justified concerning com- 
positional changes during overtempering. 
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Fig. 8--Field  ion miclographs illustrating the coarsening of the secondary hardening precipitates in alloy M(TI): (a) after I min at 600 ~ field 
of view ~ 145 nm and (b) after 300 min at 600 ~ field of view ~ I 1() nm. 

Table I11. Compositions of Carbide Precipitates in the Matrix Model 
Alloys M(M2) and M(TI)  as Determined by APFIM and STEM-EDX* 

Total 
Treatment Count** Cr V Mo W Fe Stoichiometry 

(a) Precipitate Compositions Deternained in Alloy M(M2) by APFIM (Atomic Percent) 

MC 
3 x 550 ~ [-'l 237 17.0 36.4 41.8 4.8 - -  MC].o9 
600 ~  min 123 29.9 32.8 35.8 1.5 - -  MC0.s4 
600 ~  min 443 22.9 28.8 36.0 12.3 - -  MC0.88 

M2C 
3 • 550 ~ [21 777 30.5 15.9 45.4 8.2 - -  M2CH0 
600 ~  rain 694 30.6 18.8 38.5 12,1 - -  M2CH0 
600 ~  rain 1963 26.6 21.7 39.2 12,5 - -  M2Ci.03 
600 ~  min 889 24.1 8.5 49.6 16,0 1.8 M2C0.9o 
600 ~  rain (STEM-EDX) - -  31.3 11.0 39.1 16.1 2.5 ND 

M3C 
600 ~  min 804 39.9 6.4 19.1 5.9 28.7 M3Ci.o7 

(b) Precipitate Compositions Determined in Alloy M(T1) by APFIM (Atomic Percent) 

MC 
3 x 550 ~ [~] 293 47.6 35.0 16.6 0.8 - -  MCo.~0 
600 ~  mm 113 34.5 37.9 10.4 17.2 - -  MC0.9~ 

M2C 
3 x 550 ~ ~ 407 53.7 16.2 7.2 22.9 - -  M 2 C 0 . 7  9 

600 ~  min 121 39.5 19.8 I 1.8 28.9 - -  M2C0.87 
600 ~  min 645 42.6 23.9 7.5 26.0 - -  M2CI.05 

*Compositions are given in atomic percent normalized to X, metal = 100; carbon stoichiometry is stated separately. 
**"Total count" = Iolal number of atoms recorded, usually from several particles. 

MaC prec ip i ta tcs  are  poor ly  v i s ib le  in the f ie ld  ion  
m i c r o s c o p e  and not n u m e r o u s .  T h e r e f o r e ,  it was  not  
poss ib le  to ana lyze  their  c o m p o s i t i o n s  e x c e p t  in the sin- 
g le  case  stated in Tab l e  I l l .  

T h e  ca rb ide  c o m p o s i t i o n s  p resen ted  in Tab l e  111 per-  
tain to par t ic les  wh ich  were  large e n o u g h  to be  ana lyzed  

as separa te  ent i t ies .  In add i t ion  to these ,  the f ie ld  ion  
m i c r o g r a p h s  s h o w  a genera l  b a c k g r o u n d  o f  v e r y  smal l  
par t ic les  (F igures  7 and 8). T h e i r  m a i n  cons t i tuen t s  can  
be  iden t i f i ed  by s tudy ing  the s e q u e n c e  o f  a r r iva l  o f  d i f -  
fe ren t  spec ies  in the a tom probe  d e t e c t o r  f r o m  a s ta t ion-  
ary i m a g e  spot  loca ted  b e t w e e n  the  l a rge r  ca rb ides .  Such  

1636 - V O L U M E  23A, IUNE 1992 METALLURGICAL TRANSACTIONS A 



a sequence is illustrated, in the form of a "ladder dia- 
gram," in Figure 10. The particles can be correlated with 
the arrival of  C, N, Cr, V, Mo, and W atoms which are 
not accompanied by proportional amounts of iron, as they 
would be in the homogeneous matrix. Analysis of  the 
ladder diagrams indicates that the small particles are car- 
bides or carbonitrides containing predominantly Cr, with 
some V and Mo, and only occasionally some W. They 
are rich in C and should be considered as MC rather than 
M2C. Their dimensions can be derived from the lengths 
of the plateaus of the Fe signal in the ladder diagram. 
Using the lattice constant of  MC (4.3/~),  we obtain par- 
ticle diameters of  the order of 1.3 nm after 300 minutes 
of overtempering and of 1.5 nm after 1000 minutes in 
the case of alloy M(M2). 

Dark-field micrographs of the type shown in 
Figure 4(a) actually show very weak extra contrast ef- 
fects (not visible in the reproduction) besides those of 
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Fig. 9 - - C o m p o s i t i o n  of M2C precipitates in alloy M(M2) during 
overtempering at 600 ~ (APFIM and STEM-EDX measurements).  
At 3000 min, APFIM measurements on three individual particles (with 
dark symbols signifying count-weighted averages) are compared to 
STEM-EDX measurements on 16 particles; the error bars for the latter 
correspond to the standard deviation. 
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Fig. 1 0 - - L a d d e r  diagram of M(M2) after 1000 min at 600 ~ 

the larger secondary hardening carbides. These extra 
contrast effects can be correlated with the fine particles 
discussed here. 

Surprisingly, the number density of  these very fine 
particles, as derived from TEM and FIM images, is found 
to increase with time up to 1000 minutes at 600 ~ After 
3000 minutes, however,  the fine particles have virtually 
disappeared. This time dependence indicates that the fine 
particles are not formed during cooling from the over- 
tempering anneal�9 Instead, we consider them to be the 
result of a second wave of precipitation occurring in the 
wake of the coarsening of the original secondary hard- 
ening precipitates. 

We now turn to the composition changes in the ma- 
trix. They are shown in Figure 1 ! for alloy M(M2). A 
marked depletion of Cr is noted by the end of the first 
100 minutes, while the contents of carbon and metallic 
alloy elements have remained largely unaffected. At times 
beyond 100 minutes, when the hardness drop becomes 
pronounced, both carbon and metallic alloy elements de- 
crease in the matrix. Obviously, the formation of the large 
carbides which now appear involves consumption of re- 
sidual solute and is not merely an Ostwald ripening pro- 
cess. Alloy M(TI)  shows the same tendency, as can be 
seen in Table IV. 

The APFIM values for carbon in the matrix are far in 
excess of  the equilibrium solubility in the Fe-C binary 
at 600 ~ and also of the corresponding value in the six- 
component system Fe-Cr-Mo-W-V-C, as indicated by 
recent thermodynamical equilibrium calculations, t26j As 
mentioned above, carbon often appears in the atom probe 
spectra in the form of  C2" or of  higher molecular ions, 
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Fig. 11 - -Compos i t i ona l  changes in the matrix of  alloy M(M2) dur- 
ing overtempering at 600 ~ 
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Table IV. Compositions of Matrices of Alloys M(M2) and M(TI) (Atomic Percent) 

Treatment C W Mo V Cr Fe 

M(M2) 
3 x 550 ~ tzl 1.5 0.3 1.3 0.6 3.5 bal. 
600 ~ rain 0.8 0.85 1.4 ().8 4.4 bal. 
600 ~ rain* 0.76 --- 0.3 0.5 • 0.25 1.3 +-- 0.4 0.6 -+ 0.3 1.1 + 0.5 bal. 
600 ~ min 0.3 0.2 0.4 0.4 0.9 bad. 

M(T1) 
3 x 550 ~ 0.4 1.4 ND ND 2.1 bal. 
600 ~ min 1.7 1.9 0.3 0.3 3.6 bal. 
600 ~ rain 0.5 1.0 0.15 0.15 2.5 bal. 

*With standard deviation. 

indicating the existence of carbon-rich clusters of a size 
below the resolution of the APFIM analysis. Such clus- 
ters may be assumed to be located on the very dense 
dislocation network which exists in the specimens. 

IV. DISCUSSION 

Older observations about carbides forming during 
overtempering of high-speed steels have been reviewed 
by Kupalova t271 and Mukherjee) TM Many of these ob- 
servations were based on X-ray diffraction or replica 
electron microscopy, which cannot detect the small pre- 
cipitates responsible for secondary hardening. They must 
be considered characteristic of more intensely over- 
tempered specimens than those which concern us here. 
On the whole, these studies indicate that M7C3, M2~C6, 
and MrC tend to form mainly at temperatures above that 
of our present study. In alloy T I ,  MTC 3 s e e m s  to form 
more readily than in alloy M2; we believe this to be re- 
lated to the higher content of vanadium in alloy M2, and 
also to a propensity of plate martensite (in alloy M2) to 
favor the nucleation of M3C rather than M7C3.1291 More 
recently, thin foil electron microscopy studies have been 
published which deal with powder metallurgy processed 
M2 and its carbide-enriched descendents ASP 23, 30, 
and 60 at 700 ~ fsl and at 600 ~ Neither of these 
articles reports any M7C 3, except at times as long as 
100 hours at 560 ~ in ASP 60)  51 After 24 hours at 
600 ~ the study of Wang et al. t~91 showed coarse par- 
ticles of M3C, M23C 6, and M6C surrounded by zones of 
depletion of the MC and M2C dispersion. In our mate- 
rial, the coarse M3 C particles were also found but no 
M6C and M23C 6, We have no conclusive explanation for 
this difference, but since our specimens had a much lower 
carbon content, we feel that the difference might again 
be related to different nucleation effects in plate and lath 
martensites (the M6C and M:~C6 particles often sit on 
plate and twin boundaries), and to the lack, in our al- 
loys, of blocky carbides which have been demon- 
strated ~176 to serve as nucleation sites for M23C6. In the 
present context, where our main concern is the creep 
strengthening, the minority precipitate phases discussed 
above are of secondary interest. 

Turning now to the matrix, the rapid depletion of 
chromium shown in Figure I I invites discussion. Trans- 
mission electron microscopy does not show the forma- 
tion of any new carbide phases at this stage. Since the 

Cr depletion is not accompanied by a decrease of  car- 
bon, it cannot be caused by the formation of additional 
amounts of  carbide. Instead, we must assume that the 
chromium is absorbed by compositional changes in an 
already existing carbide phase. A plausible candidate is 
Fe3C, which is present at grain boundaries at the begin- 
ning of overtempering in TEM studies f191 and which has 
also been found here (Table !I). In the present study, 
continuous bands of MaC at the lath boundaries could be 
observed by TEM but not by APFIM. This suggests that 
the M3C was rich in Fe and poor in Cr: because of the 
lower bonding energy of iron-rich carbides, field evap- 
oration in the FIM will not bring the Fe3C panicles to 
stand proud of the matrix as readily as the more stable 
alloy carbides, keeping their FIM contrast poor. 

In a TEM study of the tempering of tungsten steels at 
700 ~ Davenport and Honeycombe ttS] have suggested 
the occurrence of two transformation sequences, 

Fe3C ~ M2C ~ MrC 

and 

Fe3 C ::~ M23C 6 ~ M6C 

They emphasize that the transformations seem to occur 
in situ, but that the M2~C~ might, in fact. be formed by 
nucleation at the cementite/ferrite interface. In this light, 
our present findings could be interpreted as a process of  
nucleation of Cr-rich M23C 6 on the surfaces of  cementite 
precipitates at internal martensite boundaries, accom- 
panied by a conversion of the Fe3C to (Fe, Cr)3C and 
then to M23C 6. Since carbon would be supplied by the 
conversion process itself (seeing that M3C contains more 
carbon per metal atom than M23C6) , such a reaction would 
consume Cr without lowering the carbon level in the ma- 
trix. Kuo 1311 reports a maximum solubility of  approxi- 
mately 18 at. pet for Cr in Fe~C. In the present work, a 
Cr content as high as 40 at. pet was measured for an 
apparent M~C particle in M(M2) (Table III). This could 
have been an intermediate state in the transformation of 
an Fe3C particle with a reaction layer of M23C 6. 

We note in passing that the absorption of a substantial 
fraction of solute Cr from the matrix into an existing 
carbide phase would account for the drop in resistivity 
during the first 100 minutes, which is not accompanied 
by noticeable changes in microstructure or hardness  

Figure 9 shows the compositional changes of  the M2C 
precipitates during coarsening. Without neglecting the 
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scatter and the differences in the absolute levels of the 
APFIM and the STEM-EDX measurements, the trends 
shown by the APFIM data appear plausible. The upward 
trend of Mo and W, and the downward trend of V and 
Cr which is suggested by Figure 9, would fit a gradual 
shift of the particle composition from M2C toward M6C. 
The latter carbide can accommodate large amounts of 
Mo and W but has much less solubility for V than M2C I~l 
and a smaller solubility for Cr. I24-3~I MrC is also the phase 
following M2C in the transformation sequence reported 
by Davenport and Honeycombe. 115} 

From the point of view of service properties, we want 
to know which precipitates are responsible for sustaining 
the creep strength of the matrix during service. The M2C 
particles coarsen too rapidly to fill this role. For the MC 
particles produced in the initial tempering treatment, the 
TEM results indicate an increase in number density up 
to 100 minutes in M(M2) and up to 300 minutes in M(TI). 
Field ion microscopy observations indicate that the re- 
maining solutes form additional, very fine M(C, N) par- 
ticles during a second wave of precipitation. Their number 
density continues to increase up to 1000 minutes at 
600 ~ The slowness of this reaction may be connected 
with the different chemistry of these precipitates. 

In earlier work on the relation between chemical com- 
position, microstructure, and cutting performance of high- 
speed steels, 17"3sl we have emphasized that the observed 
correlations cannot be explained without assuming that 
pinning centers lost by coarsening of the tempering car- 
bides are continually replaced during service. This pos- 
tulate was based, in part, on reported TEM observations 
of continued precipitation during creep of austenitic high- 
temperature chromium s tee l s ,  134-35'361 to which analogous 
observations by APFIM on a ferritic chromium steel have 
been added recently. 137"ssl The hypothesis that such a 
process occurs in high-speed steels as well is supported 
by our observation that the initial tempering reaction 
consumes only about one-half of the carbide-forming 
solutes 121 and by the present finding of a second wave of 
precipitates formed from the remaining solutes. Being 
homogeneously distributed within the martensite laths, 
these fine precipitates will replace pinning centers lost 
by the coarsening of the older precipitates. In a cutting 
edge, which undergoes slow plastic deformation, such 
precipitates will be especially efficient if they immobi- 
lize the newly formed dislocation segments. This has been 
observed in the high-temperature chromium steels men- 
tioned earlier. Conversely, newly formed dislocations 
would provide favorable nucleation sites throughout the 
service life. No systematic measurements of dislocation 
density were made in the present work, but in qualitative 
terms, the dislocation density remained high during 
overtempering, similar to what has been reported in ear- 
lier TEM studies of the overtempering of high-speed steel 
matrices. ~15"~6] One of these studies, in fact, emphasizes 
the role of MC precipitates in stabilizing the dislocation 
network. I ~ 51 

V. CONCLUSIONS 

Overtempering at 600 ~ produces the following 
changes in the population of secondary hardening 
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precipitates in the matrices of high-speed steels of 
types AISI M2 and TI:  

M3C , which is found in the form of relatively large 
boundary precipitates in the peak hardened state (before 
overtempering), is originally Fe-rich, as indicated by its 
contrast in FIM and TEM images. It is concluded that 
this carbide gradually picks up Cr from the residual sol- 
ute in the matrix, and it is suggested that the incorpo- 
ration of Cr occurs in the process of  a conversion from 
M3C to M23C 6. 

M2C s e e m s  to give the main hardness contribution in 
the initial peak hardened state. During overtempering, 
the ratio of (Cr + V) to (Mo + W) in the M2C precip- 
itates changes in the direction toward M6C. The particles 
coarsen rapidly, and therefore, this precipitate cannot be 
responsible for the remarkable long-time strength exhib- 
ited by the steels at 600 ~ 

MC survives much longer in the form of a fine, ho- 
mogeneous precipitate distribution. Its number density 
actually increases during the first 1000 minutes of over- 
tempering at 600 ~ thanks to a second wave of pre- 
cipitation which is more sluggish than that which occurs 
during ordinary tempering and which involves some ni- 
trogen besides carbon, together with the carbide forming 
elements which are left in solid solution in the matrix 
after the first wave. 

It is concluded that this second wave of precipitation 
is responsible for the continued hot strength of the ma- 
terial during cutting tool service, stabilizing a high dis- 
location density which may be assumed, in turn, to provide 
nucleation sites for the continuing precipitation process. 
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