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The overall kinetics of isothermal transformation of austenite to bainite were studied with 
quantitative metallography and transmission electron microscopy (TEM) in a series of high- 
purity Fe-C-Mo alloys containing 0.06 to 0.27 wt pct C and 0.23 to 4.28 wt pct Mo at reaction 
temperatures mainly below that of the bay in the time-temperature-transformation (TTT) curve 
for initiation of transformation. Ferrite growth kinetics were also determined at temperatures 
slightlY below that of the bay. The incomplete character of the bainite transformation was found 
to depend upon both the C and Mo concentrations; below threshold combinations of these ele- 
ments, the incomplete reaction is absent. In cases in which the bainite reaction was incomplete, 
transformation of austenite resumed and went to completion following the initiation of Mo2C 
precipitation at a :  3' boundaries. The time of transformation stasis increased with the proportions 
of C and Mo in the alloy. Pearlite was not observed anywhere in the time-temperature-composition 
(TTC) region investigated. Ferrite growth kinetics at temperatures near the bay do not exhibit 
simple time laws; this behavior is attributed to a solute drag-like effect (SDLE). Extensive 
sympathetic nucleation of ferrite is observed at temperatures below that of the bay. The tem- 
perature and composition dependence of the incomplete reaction can be explained by a com- 
bination of the SDLE and the variation in the sympathetic nucleation rate of ferrite with temperature 
and the amount of transformation. 

I. I N T R O D U C T I O N  

IN the preceding paper, Shiflet and Aaronson tll have 
shown, that the thickening kinetics of grain boundary 
allotriomorphs incorporating Mo2C carbides exhibit 
complex and variegated growth kinetics behavior in a 
number of Fe-C-Mo alloys reacted at temperatures from 
near that of the bay, Tb, tO approximately 50 ~ above 
this temperature. They also found no evidence for "in- 
complete transformation" or stasis in the bainite reaction 
during studies of the overall transformation kinetics per- 
formed simultaneously. During the present investiga- 
tion, these studies were extended below To in many of 
these alloys. As our predecessors had found, Ill the ex- 
treme morphological degeneracy of the ferritic compo- 
nent of bainite below Tb severely restricted growth kinetics 
measurements in this temperature range. Emphasis was 
therefore placed upon quantitative optical metallographic 
studies of  overall reaction kinetics, conducted for the 
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purpose of characterizing the incomplete transformation 
phenomenon as a function of temperature, percent C, 
and percent Mo. Although such characterizations have 
been previously conducted on other Fe-C-X systems using 
physical properties measurements, [2-nl this is the first such 
undertaking utilizing the more reliable tl21 technique of 
quantitative metallography. Complementary TEM studies 
were conducted of the ferrite and the carbide micro- 
structures associated with critical aspects of stasis. 

Inasmuch as a historical survey of the stasis phenom- 
enon was presented as an introduction to Reference 1, 
summarization of background will be confined here to 
recent work bearing directly upon the main objectives of 
the present investigation. The presence of stasis in a va- 
riety of alloy steels has led to the belief that it is a gen- 
eral feature of the bainite reaction. In fact, it is a defining 
characteristic of bainite according to the widely accepted 
overall reaction kinetics definition, t~3,14~ On this view, 
the bainite reaction is considered to have its own "C" 
curve on the T T T  diagram. The highest temperature of 
the "C" curve is designated as the kinetic bainite start, 
or Bs, temperature; this temperature is usually located 
100 ~ to 300 ~ below the eutectoid temperature. The 
fraction of austenite which transforms to bainite in- 
creases with decreasing isothermal reaction temperature 
from zero at the Bs to unity at the B I or bainite finish 
temperature, but bainite can form at temperatures as low 
as (in principle) the martensite finish temperature, M i. 
The bainite reaction is thus incomplete at all tempera- 
tures between the Bs and the B I. The absence of the in- 
complete reaction in some steels such as Fe-C alloys and 
in low-alloy steels is usually attributed to the masking 
of the incomplete portion of the bainite transformation 
by concurrent pearlite formation, t9,15-171 

An alternate view holds that incomplete trans- 
formation t~4~ and the shape of the T T T  diagram f14,~8,~91 
are special effects of certain alloying elements on the 

METALLURGICAL TRANSACTIONS A VOLUME 21A, JUNE 1990-- 1433 



precipitation of ferrite and carbides and are not general 
characteristics of a transformation mechanism peculiar 
to bainite. This view is supported by the fact that ele- 
ments which induce a deep bay in the TTT diagram often 
produce a similar temperature dependence in the nucle- 
ation or growth kinetics of proeutectoid ferrite. Enomoto 
and Aaronson f2~ have shown that while Mo accelerates 
ferrite nucleation (relative to Fe-C binary alloys) at high 
reaction temperatures, it reduces the nucleation rate as 
the reaction temperature decreases toward the bay tem- 
perature. The larger ferrite nucleation rate at high tem- 
peratures is attributed to the stabilization of ferrite by 
Mo; the lower nucleation rates near the bay temperature 
(equivalent to the Bs temperature) are caused by Mo seg- 
regation to austenite grain boundaries, which reduces the 
effectiveness of these sites for ferrite nucleation. ~2~ 

The growth kinetics of ferrite and ferrite + carbide 
aggregates in Fe-C-Mo alloys pass through a maximum 
at the upper nose of the T T T  diagram t2~l and a minimum 
at the bay temperature. IL19J They fall significantly below 
predicted growth kinetics at reaction temperatures below 
the upper nose of the T T T  diagram, and the growth ex- 
ponents at temperatures just above the bay often exhibit 
unexpected time dependencies, tt~ At higher proportions 
of C and Mo, growth of carbide-containing grain bound- 
ary allotriomorphs is observed to cease entirely at inter- 
mediate reaction times just above the bay temperature.t~l 
Growth of the allotriomorphs resumes after a period 
termed "growth stasis. "~J In addition, ferrite formed below 
the bay temperature in Fe-C-Mo and Fe-C-Cr alloys often 
has an unusually degenerate Widmanstfitten morphol- 
ogy. t19~ This collection of effects upon growth has been 
interpreted as evidence for a proposed SDLE of Mo upon 
ferrite growth. ~2~,221 Taken together, the special effects 
of  Mo on the nucleation and growth of ferrite suggest 
that the key features associated with the overall reaction 
kinetics definition of bainite (the separate C-curve and 
the incomplete transformation phenomenon) may ac- 
tually be characteristic of specific alloying elements and 
not of the fundamental transformation mechanism itself. 

This investigation was initiated to determine the rel- 
ative merits of the overall reaction kinetics and the "spe- 
cial element" views of bainite by testing the generality 
of the incomplete transformation phenomenon, a key 
feature of the former view, in a number of selected high- 
purity Fe-C-Mo alloys. This system was selected for 
investigation primarily because Mo induces a deep bay 

in the TTT  diagram. This trait facilitates study of the 
kinetic features of bainite. Additionally, the pearlite 
reaction is severely restricted in Fe-C-Mo alloys fL23-25j 
and does not interfere with bainite formation below Tb. 
High-purity alloys were used to avoid the complication 
of interactive effects among multiple solutes. A com- 
panion paper extends this investigation to Fe-C-Si, Fe- 
C-Mn, Fe-C-Ni, and Fe-C-Cu alloys, t26~ An effort was 
also made to augment data from a predecessor investi- 
gation on the growth kinetics of ferrite allotriomorphs in 
Fe-C-Mo alloys reacted at temperatures above rib .f~l Since 
the relief exhibited by bainite when formed at a free sur- 
face has often been used to infer the mechanism of the 
bainite reaction, t27,28,29j the nature of the surface relief 
produced by bainite in a representative Fe-C-Mo alloy 
was also investigated. 

II. E X P E R I M E N T A L  P R O C E D U R E  

The alloys employed (Table I) were prepared by vac- 
uum induction melting. The C concentrations ranged from 
0.064 to 0.24 wt pct, and the Mo concentrations were 
between 0.23 and 4.28 wt pct. Ingots were redundantly 
hot worked and then homogenized at either 1250 ~ or 
1300 ~ for 3 days in purified Ar. Chemical analysis was 
performed on each alloy before and after homogeniza- 
tion to assure that no change in the C concentration oc- 
curred during this procedure. Coupons 10 • 10 x 0.5 mm 
in size were austenitized at 1300 ~ for 900 seconds in 
a deoxidized salt bath t3~ and isothermally reacted in 
deoxidized Pb before quenching in iced brine. The prog- 
ress of the overall transformation was measured by point 
counting r31,321 specimens isothermally reacted for suc- 
cessively longer times. The metallographic procedure is 
described in detail in Reference 33. 

Specimens from representative alloys, reacted for se- 
lected transformation times and temperatures, were ex- 
amined with TEM to ascertain the type, morphology, 
and distribution of the carbides present at various stages 
of transformation as well as to elucidate some details of 
the ferrite microstructures. Thin foil specimens were 
prepared by jet polishing in a 30 pct HNO3, 70 pet meth- 
anol solution at - 5 0  ~ and 10 to 20 V. Observations 
were carried out in a JEM 120CX operated at 120 kV. 

Growth kinetics of grain boundary ferrite allotrio- 
morphs were measured in thin specimens (10 • 10 • 
0.25 mm) according to the method employed by Bradley 

Table I. Fe-C-Mo Alloy Compositions 

Wt Pct At. Pct Wt Pct At. Pct Wt Pct Wt Pct Wt Pct Wt Pct 
C C Mo Mo Mn Si P S 

0.22 1.02 0.23 0.13 <0.003 0.03 0.002 0.003 
0.13 0.60 0.46 0.27 <0.003 0.03 0.003 0.003 
0.09 0.40 0.94 0.55 <0.003 0.03 0.002 0.003 
0.15 0.70 0.92 0.53 <0.003 0.03 0.002 0.003 
0.24 1.11 0.93 0.54 <0.003 0.03 0.002 0.003 
0.06 0.30 1.80 1.05 <0.002 0.002 0.005 0.002 
0.19 0.88 1.81 1.06 <0.002 0.004 0.006 0.002 
0.26 1.21 2.31 1.34 <0.002 0.02 0.006 0.002 
0.27 1.26 3.19 1.86 <0.002 0.004 0.005 0.003 
0.26 1.22 4.28 2.51 <0.002 0.02 0.005 0.004 
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et al. [34~ but with several notable differences. Grain growth 
during austenitization at 1300 ~ was not rapid enough 
in the alloys used to allow austenite grains to grow en- 
tirely through the thin dimension of the specimens. The 
specimen thickness generally contained two austenite 
grains which met along the center plane of the specimen. 
The austenite grain boundaries were approximately per- 
pendicular to the specimen surfaces, except near the 
specimen center. To avoid stereological errors in the 
growth kinetics measurements, the plane of polish was 
located about midway between the surface and the center 
plane of each specimen. Also, grain boundary ferrite 
allotriomorphs in these alloys almost always grew into 
only one of the two bounding austenite grains at the re- 
action temperatures employed. Accordingly, the thick- 
ness rather than the half-thickness of the allotriomorphs 
is reported here as a function of isothermal reaction time. 

For the surface relief investigation, the technique orig- 
inally employed by Ko and Cottrell was used. [271 Pol- 
ished specimens of the Fe-0.19 wt pct C-1.81 wt pct Mo 
alloy (10 • 5 • 0.5 mm) were encapsulated in quartz 
under 0.34 • 105 Pa (1/3 atm) of purified He, austen- 
itized at 1300 ~ for 900 seconds, quenched in Pb at 
585 ~ and reacted for 600 seconds, and then up-quenched 
to 750 ~ for 1000 seconds to further transform the aus- 
tenite. Transformation at 750 ~ helped to separate sur- 
face relief effects resulting from transformation at 585 ~ 
from those due to martensite formed during the final 
quench from 750 ~ to room temperature. The capsules 
were not broken until after they had reached room tem- 
perature. The surfaces of the transformed specimens were 
then examined using optical interference microscopy to 
determine the nature of the surface reliefs produced by 
the transformation products. 

III. RESULTS 

A. Morphology of Bainite 

Many features of the isothermal transformation of aus- 
tenite are common to all of the Fe-C-Mo alloys studied. 
To avoid repetition, the results obtained on a represen- 
tative alloy, Fe-0.19 wt pct C-1.81 wt pct Mo, will be 
presented, and the effect of changing the Mo and C con- 
centration will then be discussed relative to these proto- 
typical results. The T T T  diagram for the Fe-0.19 wt pct 
C-1.81 wt pct Mo alloy is shown in Figure 1. As usual 
in these alloys, there are two temperature regions in 
which transformation begins relatively quickly. These 
two regimes are separated by a bay in the T T T  dia- 
gram. The temperature at which the transformation 
initiation time is a maximum is designated as the bay 
temperature, or Tb. This temperature corresponds to the 
kinetically defined bainite start temperature. I14] Trans- 
formation above the bay begins at austenite grain bound- 
aries (Figure 2(a)), 11,19'241 Above the upper nose, ferrite 
nucleates first and is followed soon after by the initiation 
of alloy carbide precipitation. ~23] M6C carbides form 
allotriomorphically on austenite grain boundaries and at 
ferrite: anstenite boundaries; MozC carbides precipitate 
at ferrite:austenite boundaries as fibers or as interphase 
boundary carbides and as Widmanst~itten rods within fer- 
rite. [1'23'24'35] Below the upper nose and above Tb, ferrite 
and carbides precipitate concurrently from practically the 

Fe - O. 19 C - 1.81 Mo 
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Fig. 1 - - T h e  TTT diagram for Fe-0.19 wt pct C-1.81 wt pct Mo; the 
bay temperature is approximately 615 ~ 

earliest stage of transformation. [23] Unlike most plain C 
steels, Widmanst~itten ferrite is increasingly absent at re- 
action temperatures between the upper nose and Tb U9'241 
in alloys containing more than approximately 1.0 wt 
pct Mo. Grain boundary allotriomorphs become the sole 
ferrite morphology at and just above the bay tempera- 
ture m with increasing Mo and C concentrations. 

At isothermal reaction temperatures below Tb, fen-ite 
assumes a highly degenerate Widmanst~itten morphology 
(Figure 2(b)). H9'241 The transition from the allotrio- 
morphic morphology at temperatures above Tb to degen- 
erate, grain boundary-nucleated ferrite is quite sharp with 
decreasing reaction temperature, occurring within a tem- 
perature interval of about 10 ~ Some allotriomorphic 
ferrite is still present a few tens of degrees Celsius below 
Tb, but the largest proportion of ferrite consists of the 
degenerate morphology. At slightly lower temperatures, 
allotriomorphs are almost entirely absent. 

At the beginning of transformation, the distribution of 
degenerate ferrite is nonuniform. Some austenite grains 
are highly transformed, while others contain little or no 
degenerate ferrite. The degenerate structure initially con- 
sists of proeutectoid ferrite; carbides are not present 
(Figure 2(d)). Transmission electron microscopy exam- 
ination reveals that the ferrite is composed of irregularly 
shaped crystals 0.5 to 3 /xm on a side. These crystals 
are essentially the same as the "substructural units" or 
"subunits" reported by Oblak and Hehemann in a variety 
of  steels. [361 They appear equiaxed in alloys containing 
greater than approximately 2 wt pct Mo. In more dilute 
alloys (Figure 2(c)), the ferrite is angular in appearance 
and is similar to more classical forms of degeneracy I371 
(cf. Figures 2(b) and (c)). 

The subunits form by sympathetic nucleation, t36,381 i.e., 
by the nucleation of new ferrite crystals at the ferrite: 
austenite boundaries of existing ferrite crystals. [39,4~ It 
has been suggested that these subunits grow by a rapid, 
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Fig. 2--Ferri te  and bainite morphologies: (a) allotriomorphic ferrite + carbide, Fe-0.19 wt pct C-1.81 wt pct Mo reacted at 625 ~ for 10,000 s 
(10 ~ above TD; (b) degenerate ferrite, Fe-0.19 wt pct C-1.81 wt pct Mo reacted at 585 ~ for 300 s (30 ~ below Tb); (c) degenerate ferrite, 
Fe-0.2 wt pct C-0.93 wt pct Mo reacted at 630 ~ for 49 s (20 ~ below TD; and (d) degenerate ferrite formed by sympathetic nucleation, Fe- 
0.19 wt pct C-1.81 wt pct Mo reacted at 585 ~ for 600 s. 

self-accommodating shear mechanism, t361 However, 
thermionic emission measurements of lengthening and 
thickening kinetics of individual subunits demonstrate 
that they form much more slowly, probably by the 
diffusion-controlled migration of growth ledges. ~4~J The 
degenerate, or ragged, appearance of ferrite formed at 
temperatures below Tb apparently results from the mis- 
alignment of adjacent ferrite crystals. Evolution of pre- 
cipitate plates by the successive sympathetic nucleation 
of small crystals has also been observed during other dif- 
fusional transformations, such as the precipitation of the 
hcp a phase from bcc/3 in Ti-Cr t4~ and in the formation 
of cementite plates from austenite in a hypereutectoid 
Fe-C-Mn alloy, t42~ However, the microstructures pro- 
duced in the latter transformations are much more sym- 
metrical and uniform. An exceptionally high rate of 
nucleation of new ledges at a : a  boundaries formed by 
sympathetic nucleation may be partially responsible for 
this difference. 

B. Ferrite + Carbide Mixtures 

In agreement with previous observations, ~1,19,21,23j la- 
mellar pearlite is entirely absent at temperatures near the 

bay in Fe-C-Mo alloys. Because fibrous Mo2C carbides 
grow cooperatively with ferrite at temperatures above 
Tb, [1"231 they can be considered to be an alloy carbide, 
rod-type of pearlite.[43] However, the fibrous reaction oc- 
curs in conjunction with the interphase boundary mode 
of carbide precipitation, tl,z3j so the upper "C" curve of 
the TTT  diagram cannot be ascribed uniquely to a pearl- 
itic reaction mechanism, classical views to the contrary. 

During the final stages of transformation at tempera- 
tures from the upper nose down to slightly below the 
bay, nodular bainite, a coarse mixture of cementite and 
ferrite, forms in alloys containing more than about 0.1 wt 
pct C and 0.5 wt pct Mo (Figure 3). t25j This constituent 
usually comprises less than 5 pct of the total micro- 
structure but can constitute up to 17 pct of it in some of 
the Fe-C-Mo alloys studied, t251 

C. Surface Relief Effects 

The carbide-free, degenerate ferrite morphology does 
not produce a clear surface relief or tilt. The optical and 
interference micrographs in Figure 4 show a free sur- 
face of the Fe-0.19 wt pct C-1.81 wt pct Mo alloy fol- 
lowing the 1300 ~ to 585 ~ to 750 ~ step quenching 
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Fig. 3--Nodular bainite composed of ferrite and cementite, Fe-0.24 wt 
pct C-0.93 wt pct Mo: (a) optical, 640 ~ 258,700 s and (b) TEM, 
660 ~ 18,300 s. 

experiment. An example of a region of degenerate ferrite 
and the surface rumpling type of relief usually associated 
with this morphology is indicated at "DF." The promi- 
nent linear reliefs in some regions of Figure 4 are formed 
during the continuation of transformation at 750 ~ 
Hence, neither the invariant plane strain reliefs associ- 
ated with both martensitic and diffusional growth of plate- 
shaped transformation products nor the tent-shape reliefs 
which are often produced during the latter type of trans- 
formation are found in conjunction with the degenerate 
ferrite comprising the predominant transformation prod- 
uct below To. 

D. Overall Reaction Kinetics 

At temperatures above the bay, isothermal trans- 
formation curves (fraction of austenite transformed vs the 
logarithm of the reaction time) display a characteristic 
sigmoidal shape (Figure 5(a)). After a relatively slow 
initiation period, the amount of transformation increases 
smoothly to approximately 100 pct. This behavior was 
well documented during investigations in a variety of steels 

in the 1930's, [2,6,81 as well as more recently in many Fe- 
C-Mo alloys, tl] 

Transformation below the bay occurs in up to three 
distinct stages, as typified by Figure 5(b). The first stage 
takes place with rapid kinetics, t2,6,SJ Although trans- 
formation is presumably initiated by nucleation and growth 
at the austenite grain boundaries, sympathetic nucleation 
appears to provide the source of a large majority of the 
ferrite crystals formed during this initial stage of trans- 
formation. In agreement with earlier observations, t36] the 
individual ferrite crystals appear to cease growing after 
reaching a size of a few microns. The micrograph in 
Figure 2(d) is a typical first-stage microstructure. 

The beginning of the second stage of transformation 
is identified by an abrupt decrease in the transformation 
rate (Figure 5(b)). This is associated with cessation of 
the sympathetic nucleation of ferrite. Transformation is 
sluggish during this stage and, under some conditions, 
stops entirely (e.g. ,  Figures 13(g) and (h)). Cessation of 
transformation will be referred to here as "trans- 
formation stasis" and is the same as incomplete trans- 
formation, as defined by Griffiths et al. uSj* Although 

*Transformation stasis requires that both nucleation and growth of 
the product phase stop. This is distinct from growth stasis tll during 
which only growth ceases. 

carbides were not detected with TEM either prior to or 
during the stasis period (Figure 6(a)), very small car- 
bides, approximately 1 nm in diameter, were found at 
boundaries between ferrite crystals during stasis using a 
field ion microscope/atom probe (FIM/AP). ~441 

The third stage of transformation commences when the 
transformation curve becomes steeper (Figure 5(b)) and 
continues until the transformation of austenite is com- 
pleted (>99 pct transformed). The acceleration of trans- 
formation is associated with the beginning of Mo2C 
precipitation by the interphase boundary precipitation 
mechanism (Figure 6(b)). Figure 6(c)), a carbide dark- 
field image of a portion of the ferrite: austenite interface 
in Figure 6(b), shows the carbides on the terraces of fer- 
rite ledges; they appear as rows in this edge-on view. 
The faint, nearly horizontal boundary which crosses the 
micrograph in Figure 6(b) (indicated by arrows) is the 
location where interphase boundary precipitation began. 
Below this line, a few isolated carbides have precipitated 
on dislocations within the ferrite. Above the line, the 
density of Mo2C is much higher due to the formation of 
the interphase boundary carbides. Since interphase 
boundary carbides are only observed during the third stage 
of transformation, the ferrite in the lower portion of 
Figure 6(b) probably formed during the first stage (be- 
fore transformation stasis). Transformation thus resumes 
following stasis with the precipitation of Mo2C at ferrite: 
austenite interfaces. 

The fraction transformed at the beginning of the sec- 
ond stage decreases as the reaction temperature is in- 
creased and eventually goes to zero at Tb, in accord with 
the long-established behavior of the incomplete trans- 
formation phenomenon, u3~ For the Fe-0.19wt pct 
C- 1.81 wt pct Mo alloy shown in Figure 5, transformation 
stasis is present at 600 ~ and 585 ~ (Figures 13(g) and 
(h)). Transformation stasis is observed to disappear with 
decreasing reaction temperature before the stasis plateau 
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Fig. 4 - - S u r f a c e  relief exhibited by the Fe-0.19 wt pct C-1.81 wt pct Mo alloy, reacted at 585 ~ for 600 s, up-quenched to 750 ~ for 1000 s, 
then quenched into iced brine, (a) Nomarski interference contrast micrograph of the as-reacted surface; (b) interference contrast, same region as 
shown in (a); and (c) same region as shown in (a) and (b) after light polishing and etching; F = grain boundary ferrite, DF = degenerate ferrite; 
and M = martensite. 

reaches a level of 100 pct transformation. For example, 
at 570 ~ (Figure 13(i)), the second stage begins after 
70 pct of the austenite has transformed, but there is no 
transformation stasis at this temperature; the trans- 
formation rate during the second stage remains finite. 

Consequently, a bainite finish temperature, as presently 
defined, I~3j does not appear to exist in these alloys. 

The presence of transformation stasis at temperatures 
below Tb is dependent on both the C and the Mo con- 
centrations in the alloy. Figures 7 through 16 show 
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Fig. 5--Isothermal transformation curves for Fe-O. 19 wt pct C-1.81 wt 
pct Mo; the bay temperature for this alloy is 615 ~ transformed at 
(a) 625 ~ and (b) 585 ~ 

the transformation kinetics for all of  the Fe-C-Mo 
alloys studied. In general, increasing the Mo or C con- 
centration in the alloy accentuates the three stages 
of transformation and encourages the development of 
transformation stasis below Tb. Increasing the Mo con- 
tent of an approximately constant C level greatly extends 
the duration of the second and third stages of trans- 
formation (Figures 7, 11, and 14 through 16). Below 
minimum threshold combinations of  C and Mo concen- 
trations, transformation stasis is not observed. This re- 
sult is summarized in Figure 17, which shows the alloy 
compositions in which transformation stasis is and is not 
found at temperatures below Tb. The boundary in Figure 17 
separates the transformation stasis and no-stasis regimes. 

In alloy compositions approaching the no-stasis bound- 
ary from the stasis side, the duration of the stasis period 
becomes shorter. Once the boundary is crossed, the 
transformation rate during the second stage of trans- 
formation becomes nonzero and increases slowly with 
decreasing C or Mo concentration (Figures 11 and 8). 
When either of these concentrations is sufficiently di- 
minished, it seems likely that the second stage will 
smoothly disappear within a single sigmoidal trans- 
formation curve, though such behavior has yet to be ex- 
perimentally established. In effect, though, the existence 
of another boundary, between one- and three-stage over- 
all transformation kinetics, seems inevitable. 

E. Thickening Kinetics of  Grain Boundary 
Ferrite Allotriomorphs 

The thickening kinetics of grain boundary ferrite 
allotriomorphs at temperatures below Tb are difficult to 
secure in Fe-C-Mo alloys due to the degeneracy of the 
ferrite morphology, t19,24] particularly in higher Mo alloys 
and at large undercoolings below To. As a consequence, 
the lowest Mo alloy in our set of steels (Table I) which 
exhibits transformation stasis, Fe-0.24 wt pct C-0.93 wt 
pct Mo, was employed to measure the thickening kinet- 
ics of ferrite allotriomorphs in an attempt to make a con- 
nection between transformation stasis and growth kinetics. 
Ferrite growth kinetics at and slightly below the bay tem- 
perature are presented in Figure 18 as graphs of the log 
of allotriomorph thickness vs the log of the reaction time. 
At 650 ~ (the bay temperature for this alloy) and 640 ~ 
the growth kinetics exhibit two stages. The first stage 
has a smaller slope than the second. The transition be- 
tween the stages occurs at approximately 50 seconds at 
650 ~ and at approximately 80 seconds at 640 ~ There 
are also two growth stages at 630 ~ but the first stage 
has faster kinetics than the second. The transition from 
first- to second-stage growth occurs at about 15 seconds 
at this temperature. 

The growth kinetics can be described by a power law: 
S = at", where S is the distance the ferrite:austenite 
interface has grown in time t, n is the time exponent, 
and a is a proportionality constant. For diffusion- 
controlled growth of a planar, disordered ferrite:austenite 
boundary, n = 0.5, and a becomes the parabolic rate 
constant. I45'461 Table II contains the values of a and n 
determined by a least-squares analysis for stage-one and 
state-two growth at 650 ~ 640 ~ and 630 ~ The 
time exponent for stage 1 growth was 0.28 at 650 ~ and 
0.18 at 640 ~ both significantly less than the value of 
0.5 expected during conventional volume diffusion- 
controlled growth. The corresponding exponent at 630 ~ 
was 0.46. 

The time exponent during the second growth stage in- 
creased to 0.48 and 0.51 at 650 ~ and 640 ~ respec- 
tively. At 630 ~ the exponent decreased from 0.46 
during stage 1 to 0.27 during stage 2. The measured rate 
constants, a, during the second growth stage at 650 ~ 
and 640 ~ (the stage 2 kinetics at these tempera- 
tures are approximately parabolic) were 1.14 and 
0 .7 8 / zm / s  ~/2. Calculated values of a are also included 
in Table II for comparison. Following Bradley and 
Aaronson, t471 the growth constants for the thickening of 
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Fig. 6 - - T E M  microstructure of Fe-0.19 wt pct C-1.81 wt pct Mo transformed at 585 ~ (a) reacted for 600 s (stage 2, transformation stasis) 
(note sympathetically nucleated ferrite crystals and no visible carbides); (b) reacted for 21,600 s (stage 3), illustrating interphase boundary carbide 
precipitation (the initiation of stage 3 growth is indicated by arrows); and (c) dark-field micrograph of interphase boundary carbides shown in (b). 
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ferrite allotriomorphs were calculated assuming a dis- 
ordered, planar interface. The carbon concentrations in 
ferrite and in austenite at the advancing interphase 
boundary were obtained from the paraequilibrium t48,491 
phase diagram* determined using the thermodynamic 

*Paraequilibrium is a constrained equilibrium in which only carbon 
atoms are free to partition between ferrite and austenite. The ratio of  
the substitutional solute concentration to the iron concentration is the 
same in ferrite and in austenite; the chemical potential of  carbon is 
equal in the two phases, t491 
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model of Hillert and Staffansson lS~ and the tabulated 
thermodynamic parameters of Uhrenius. [sq The concen- 
tration dependence of the carbon diffusivity in austenite 
was incorporated in the analysis by employing a weighted 
average 152[ of the composition-dependent carbon diffu- 
sivity given by Kaufman e ta / .  I531 The calculated para- 
equilibrium rate constants at 650 ~ and 640 ~ were 2.13 
and 2 .10/xm/s  1/2, respectively; these are approximately 
twice the measured values during the second, or most 
nearly parabolic, stage of growth. 
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Fig. 8--Isothermal  transformation curves for Fe-0.13 wt pct C-0.46 wt pct Mo; the bay temperature is 675 ~ transformed at (a) 665 ~ (b) 655 ~ 
(c) 645 ~ and (d) 635 ~ 

IV. DISCUSSION 
Numerous explanations for the incomplete trans- 

formation phenomenon have evolved since its discovery. 
The earliest one, due to Wever and Mathieu [41 and 
Wiester, t5[ maintains that the incomplete nature of the 
bainite reaction results from strain energy accumulation 
associated with the precipitation of bainite from austen- 
ite. The strain energy increases with the volume fraction 
of the transformation product until the free energy change 

accompanying the transformation is no longer large 
enough to support the reaction. This view is analogous 
to a standard explanation for the athermal nature of mar- 
tensite formation in steel, tsaj However, this explanation 
contains a number of flaws. Much of the strain associ- 
ated with bainite (or ferrite) precipitation should be re- 
lieved by plastic deformation, particularly in the 
temperature range associated with incomplete trans- 
formation. It is also unclear why transformation strain 
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energy does not affect proeutectoid ferrite precipitation 
in the same way as it affects bainite formation. The 
Widmanst/itten ferrite start temperature does not gener- 
ally coincide with the Bs temperature (i.e., Tb in the present 
context) in Fe-C-X alloys, c~41 and Widmanst/itten ferrite 
does not exhibit the incomplete transformation phenom- 
enon. Furthermore, the strain energy explanation does 
not account for the sensitive composition dependence of 
transformation stasis. While the presence of stasis de- 
pends upon the nature of the X element [26j and, in Fe- 

C-Mo alloys, upon the concentrations of C and of Mo 
as well, the transformation strain energy should be rel- 
atively insensitive to these factors in dilute Fe-C-X alloys. 

Wiester [SJ and Klier and Lyman t~m postulated that car- 
bon atoms spontaneously rearrange in austenite at the 
isothermal reaction temperature; the low-carbon regions 
then transform to bainite by a martensitic mechanism. 
The extent of transformation depends on the volume of 
the low-carbon regions. The proposed carbon rearrange- 
ment is essentially equivalent to spinodal decomposition. 
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However, available thermodynamic models of austenite 
do not predict a spinodal reaction, t551 According to an- 
other popular view, t56} ferrite embryos of various sizes 
are suggested to be present during austenitization. Upon 
quenching to an isothermal reaction temperature, those 
embryos larger than a critical size transform to bainite 
by a martensitic mechanism; their growth is again re- 
stricted by transformation strain energy. However, it has 
been shown that embryos cannot be quenched from the 
austenitizing temperature in Fe-C alloys because of the 

high diffusivity of carbon in austenite, t571 Furthermore, 
atom probe experiments have demonstrated the absence 
of such embryos, t58j Both of these hypotheses were re- 
futed previously by Bradley and Aaronson. [471 

Zener explained the incomplete nature of the bainite 
reaction in terms of a composition-invariant reaction.[59] 
Bainite was suggested to form with the same composi- 
tion as the parent austenite. The C atoms in the highly 
supersaturated bainite subsequently partition to austen- 
ite at higher reaction temperatures; with decreasing 
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temperature, some of the excess carbon is precipitated 
from ferrite as carbides. As transformation proceeds, the 
comparatively rapid diffusion of C through the body- 
centered lattice of the bainite causes the C concentration 
of the remaining austenite to increase until the free en- 
ergy change associated with the composition-invariant 
transformation becomes zero. The upper limiting tem- 
perature of the bainite reaction, on this theory, is To, the 
temperature at which austenite and ferrite with the same 
composition have equal free energies in the absence of 
strain energy. While the calculated To temperature agrees 
with the measured kinetic Bs temperature in some steels, 
the theory fails for others. Iau In addition, the growth of 
individual crystals in a bainite sheaf occurs at rates con- 
sistent with control by carbon diffusion in a u s t e n i t e ,  t411 

On the Zener model, which is essentially a massive 
transformation mechanism, much higher growth rates are 
expected. Zener t591 also suggested that carbon rejected 
from growing bainite could cause a film of cementite to 
form around the bainite. This film could inhibit further 

bainite growth and result in incomplete transformation. 
Such a cementite film has not, however, been observed. 

On the basis of their observation that bainite formation 
at a free surface is accompanied by martensite-like up- 
heavals, Ko and Cottrell t271 concluded that the bainite 
transformation proceeds by a martensitic reaction paced 
by the diffusion of carbon away from the growing bainite 
plates. Carbon enrichment of austenite during the trans- 
formation is responsible for lowering the driving force 
for the bainite reaction and for retarding bainite growth. 
Transformation was proposed to stop when carbides 
precipitate on the moving ferrite:austenite interphase 
boundaries, thereby destroying their coherency and their 
ability to migrate martensitically. However, interfacial 
structure studies of ferrite and bainite plates have dem- 
onstrated that the ferrite: austenite boundaries have a ses- 
sile, misfit dislocation structure, t6~ Consequently, 
bainite cannot form martensitically by the glide of the 
dislocations in ferrite:austenite boundaries. 

Aaronson proposed that the incomplete transformation 
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phenomenon is a special effect of certain alloying ele- 
ments upon the proeutectoid ferrite reaction. [14] It results 
from a solute drag effect of these alloying elements upon 
the migration of disordered areas of ferrite: austenite 
boundaries. On the earliest version of this view, [14,21,22] 
slow-diffusing substitutional solute atoms which have a 
negative interaction energy with ferrite: austenite bound- 
aries exert a drag force on these boundaries when the 
atoms are swept up and briefly retained within the mov- 
ing boundaries. This approach was an attempt to apply 

to phase transformations a concept originally developed 
for grain boundary motion during grain growth, t63-67] The 
slow growth of ferrite resulting from the solute drag and 
a similar interference with the evolution of ferrite em- 
bryos during nucleation were suggested to cause incom- 
plete transformationJ ~4] The origin of the drag force was 
subsequently modified by Bradley and Aaronson, [47] who 
recognized that substitutional solute diffusion is too 
sluggish at temperatures of interest for those elements to 
exert a substantial drag force on the ferrite:austenite 
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Fig. 15--Isothermal  transformation curves for Fe-0.27 wt pct C-3.19 wt pct Mo; the bay temperature is 570 ~ transformed at (a) 570 ~ 
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boundaries. On their version, which they termed the 
"solute drag-like effect," substitutional alloying elec- 
ments which bind strongly to carbon and which also tend 
to segregate to ferrite: austenite boundaries, are swept up 
by the boundary during growth until a steady-state con- 
centration is attained. The adsorbed solute lowers the ac- 
tivity of C in the austenite in contact with the boundary, 
which, in turn, reduces the activity gradient of C driving 
diffusion during growth. The substitutional solute con- 
centration in ferrite:austenite boundaries was suggested 
to increase with decreasing temperature because of both 

the reduced entropic contribution to segregation and the 
linear increase in the carbon concentration in austenite 
corresponding to the extrapolated 7/a + 7 phase bound- 
ary. The bay in the T T T  diagram was proposed to occur 
when the ferrite:austenite boundaries become saturated 
with the substitutional solute and the SDLE is a maxi- 
mum. Further increases in the driving force for growth 
then permit recovery of growth kinetics at lower tem- 
peratures. Growth stasis occurs when the carbon activity 
gradient driving growth is eliminated. Shiflet and 
Aaronson tl] later observed growth stasis in Fe-C-Mo 
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alloys at temperatures above Tb but noted that the ces- 
sation of growth is a temporary condition. The (micro- 
structural) bainite transformation resumes following 
growth stasis. This was attributed to a reduction in the 
SDLE resulting from either the diffusion of excess Mo 
away from c~:3~ boundaries or the precipitation of this 
Mo as an alloy carbide. 

The SDLE was also suggested to be responsible for 
the absence of the Widmanst~itten morphology in Fe-C- 
Mo alloys at reaction temperatures between the upper 
nose and the bay in the T T T  diagram, r22J Preferential 
adsorption of Mo at the disordered areas of a :  7 bound- 
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Fig. 17--Carbon and molybdenum concentrations of Fe-C-Mo alloys 
which do or do not exhibit transformation stasis below the bay 
temperature. 

aries causes the SDLE to be strongest at the most mobile 
portions of  the boundaries. This results in a decrease in 
the anisotropy of growth and can account, at least par- 
tially, for the absence of ferrite plates at temperatures 
above Tb in Fe-C-Mo alloys. 

Experimental data on the growth kinetics of  ferrite 
allotriomorphs provide some support for the SDLE hy- 
pothesis. As was mentioned earlier, the growth kinetics 
of  ferrite in Fe-C-Mo alloys pass through a maximum 
near the upper nose in the T T T  diagram f2~J and minimum 
near the bay temperatureJ ~91 In addition, the ferrite and 
ferrite + carbide mixtures formed at and above the bay 
temperature in Fe-C-Mo alloys exhibit as many as three 
distinct stages of growth with time. [u These growth stages 
are arranged in the four patterns shown schematically in 
Figure 19(a). m The C and Mo concentrations of  alloys 
which exhibit these types of  behavior are shown at the 
bay temperature (Figure 19(b)), 20 ~ above To and 40 ~ 
above T b (Figures 19(c) and (d), respectively, of 
Reference 1). None of these observations can be ex- 
plained by currently available growth models. Slower than 
predicted ferrite growth kinetics have also been reported 
in an Fe-C-Cr alloy at reaction temperatures above Tb. [471 

In view of these data and the failure of  alternate ex- 
planations for the incomplete transformation phenome- 
non, the SDLE appears to be at least a reasonable approach 
to understanding the kinetic features of  bainite empha- 
sized in the overall reaction kinetics definition of bainite. 
The next section will discuss results of  the present in- 
vestigation in terms of the SDLE hypothesis, and the last 
section will outline a further developed, and further al- 
tered, model for this effect. 

A. Overall Transformation Kinetics 

The interpretation to follow of the transformation ki- 
netics behavior observed during the present investigation 
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is based primarily upon the SDLE hypothesis. However,  
one aspect of  this hypothesis will first be altered, a fur- 
ther consideration will be added, and a confirmation of 
a proposed mechanism for the reduction of the SDLE m 
will be discussed. The portion of the SDLE hypothesis 
to be changed is that which postulates that disordered 
areas of ferrite:austenite boundaries are saturated with 
substitutional solute at the bay temperature. A recent F IM/  
AP study of the composition of a : 7  boundaries in an 
Fe-0.19 wt pct C-1.81 wt pct Me alloy reacted at 585 ~ 

for 30 seconds, a temperature about 30 ~ below Tb, in- 
dicates that ferrite:austenite boundaries are enriched in 
Me by a factor of 2. This is about tenfold less than the 
equilibrium enrichment expected at this temperature for 
ferrite: ferrite t681 and austenite: austenite t69] boundaries and 
probably for ferrite:austenite boundaries as well. 
Nevertheless, since no bulk partition of Me occurs be- 
tween austenite and ferrite during growth, I19~ the mea- 
sured twofold enrichment does appear to be significant 
even though it is far below boundary saturation. 
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Table II. Ferrite Growth Kinetics in Fe-0.24 Wt Pct C-0.93 Wt Pct Mo, Tb = 650 ~ (S = ~t") 

a Predicted for n Predicted for 
a Experimental Paraequilibrium n Experimental Paraequilibrium 

(/zm/s ]/2) (/zm/s ]/2) (/xm/s 1/2) (/zm/s 1/2) 

650 ~ 
Stage 1 
Stage 2 

640 ~ 
Stage 1 
Stage 2 

630 ~ 
Stage 1 
Stage 2 

2.10 2.10 0.28 _+ 0.02 0.5 
1.14 - -  0.47 ___ 0.02 - -  

2.74 2.13 0.19 _+ 0.01 0.5 
0.78 - -  0.51 + 0.04 - -  

1.29 2.15 0.46 --_ 0.03 0.5 
2.21 - -  0.27 -+ 0.02 - -  

The consideration is next added to the SDLE hypoth- 
esis that when the combination of the SDLE and de- 
creasing reaction temperature has sufficiently reduced 
ferrite growth kinetics, sympathetic nucleation p9,a~ of 
new ferrite crystals takes place at ferrite:austenite 
boundaries at rates which increase rapidly with further 
reductions in reaction temperature. The temperature at 
which the sympathetic nucleation rate of  ferrite becomes 
significant corresponds to To. The degeneracy of ferrite 
below Tb can be seen to derive from extensive sympa- 
thetic nucleation (Figure 6(a)). 

Once a ferrite crystal is nucleated, its growth rate di- 
minishes with time. This results in part from the carbon 
enrichment of  austenite in advance of the growing fer- 
rite. Two other possible sources for the declining growth 
rate arise from the presence of a substitutional solute. 
First, the X element may decrease the formation kinetics 
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Fig. 19 - -  AlloWiomorph thickening kinetics at temperatures above the 
bay: tl] (a) schematic of  the four types of  growth kinetics and (b) car- 
bon and molybdenum ranges which exhibit the different growth types 
at the bay temperature, (c) 20 ~ above the bay temperature and 
(d) 40 ~ above the bay temperature, lu 

of ferrite growth ledges. This possibility could not be 
studied in this investigation due to the usual difficulties 
associated with retaining the austenite in contact with 
a :3 '  interfaces at room temperature in low-alloy steels. 
The second source is the operation of the SDLE. I1] On 
a ledgewise growth mechanism, a decrease in the velocity 
of a migrating a :  3' boundary [7~ is equivalent to an in- 
crease in the mean time the partially coherent terraces 
of the boundary "survive" before being overrun by the 
carbon diffusion fields associated with the risers of  suc- 
ceeding growth ledges. The supersaturation for ferrite 
formation at the terraces then increases to the level where 
sympathetic nucleation can occur again. This process 
should result in accelerated transformation kinetics below 
Tb. These repeated, temporary "evasions" of  the SDLE 
are expected to continue until the rising proportion of 
carbon in the untransformed austenite reduces the driv- 
ing force for sympathetic nucleation even at the terraces 
between widely separated risers. 

Transformation stasis occurs when the SDLE is strong 
enough to produce growth stasis of  the individual sym- 
pathetically nucleated ferrite crystals, and the local car- 
bon concentration in austenite at the stationary portions 
of the ferrite:austenite boundaries remains high enough 
to make the sympathetic nucleation of new ferrite crys- 
tals occur at negligible rates. The latter condition de- 
pends on the volume and the distribution of the ferrite 
that has already been formed and on the reaction tem- 
perature. At small undercoolings below Tb, the small loss 
of supersaturation at the immobile portions of a :  3' 
boundaries accompanying the formation of a small quan- 
tity of ferrite is sufficient to terminate sympathetic nu- 
cleation. At lower reaction temperatures, the driving force 
for ferrite formation is higher, and a larger volume of 
ferrite can form before sympathetic nucleation ends. Thus, 
when transformation stasis occurs, the volume fraction 
of ferrite present during stasis increases with decreasing 
temperature from a value of zero at Tb. When the second 
transformation stage has finite kinetics (i.e., trans- 
formation stasis is absent), either the SDLE is not strong 
enough to produce growth stasis or the sympathetic nu- 
cleation rate of  ferrite does not reach zero before the 
initiation of carbide precipitation. Since transformation 
stasis is associated with carbide-free ferrite, the present 
results suggest that neither upper nor lower bainite, which 
are distinguished by their carbide distributions, should 
exhibit transformation stasis. 
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It was observed during this investigation that the pre- 
cipitation of carbides initiates the third stage of trans- 
formation. This confirms that ferrite:austenite boundaries 
can escape growth stasis by the precipitation of carbides 
at these boundaries, in agreement with an earlier sug- 
gestion, tq Carbide precipitation can have two effects on 
the transformation kinetics. First, since the carbides are 
generally alloy carbides precipitated on a:  3' boundaries, 
they "getter" the Mo adsorbed on these boundaries and 
thereby reduce the SDLE. Second, they locally reduce 
the C content of the parent austenite and increase the 
driving force for further ferrite growth. Both effects re- 
sult in an acceleration of the overall transformation 
kinetics. 

With these modifications and considerations, the SDLE 
mechanism can be employed to explain the features of 
the overall transformation kinetics at reaction tempera- 
tures above and below the bay in the Fe-C-Mo alloys 
investigated so far. At temperatures above Tb, ferrite nu- 
cleation is confined to austenite grain boundaries and twin 
boundaries, and the SDLE suppresses the formation of 
Widmanst~itten ferrite. At these temperatures, ferrite nu- 
cleation does not cease until after growth stasis ends. 
Consequently, the nucleation rate and the growth rate of 
ferrite are not zero at the same time, and transformation 
stasis does not occur. The transformation curves at tem- 
peratures above Tb thus have a sigmoidal shape 
(Figure 5(a)). Below the bay, the increased driving force 
for ferrite formation causes the austenite grain and twin 
boundary nucleation sites to saturate quickly. Ferrite nu- 
cleation can continue at a:y  boundaries, however, and 
will proceed until the austenite surrounding the newly 
formed ferrite crystals becomes too enriched with carbon 
to support further sympathetic nucleation. When this 
happens concurrently with growth stasis, transformation 
stasis is observed. 

The absence of Widmanst~itten ferrite above the bay 
may be due to the SDLE, as previously noted, or due to 
the precipitation of Mo carbides during the early stages 
of transformation on the following rationale. Plates are 
expected to develop when there is a significant aniso- 
tropy of interfacial boundary mobility.t37] Boundary ori- 
entations which result in substantial areas of partial 
coherency (e.g., the broad faces of plates) are less mo- 
bile than boundaries which have a higher density of sites 
where atomic attachment is feasible (e.g., the edges of 
plates), pTj However, the stationary portions of the 
boundary, i.e., the terraces of ledges, are the most likely 
sites for carbide nucleation. [72,73] Carbide precipitation at 
the slower moving boundary orientations increases the 
competitive advantage of these boundaries relative to the 
faster moving boundary orientations in t w o  w a y s .  [43] First, 
the precipitation of carbides locally increases the driving 
force for ferrite growth.t43] Second, the ferrite: carbide: 
austenite junctions may provide favorable sites for the 
formation of additional ferrite growth ledges, t431 Thus, 
the precipitation of fine alloy carbides at a :  3' boundaries 
can reduce the anisotropy of ferrite growth and favor the 
development of an allotriomorphic reaction product. This 
explanation has also been used to explain the develop- 
ment of the equiaxed nodular bainite structure formed 
during the latter stages of austenite decomposition in 
Fe-C-Mo alloys. ]25] 

The transformation sequence below Tb is shown sche- 
matically in Figure 20. Ferrite nucleation begins at 
austenite grain boundaries, but sympathetic nucleation 
results in transformation developing preferentially toward 
the grain interiors rather than along the austenite grain 
boundaries. Saturation of the nucleation sites does not 
occur in this circumstance. On the contrary, the for- 
mation of new ferrite crystals increases the total ferrite: 
austenite boundary area and thereby creates additional 
nucleation sites. Since nucleation kinetics tend to vary 
sharply with temperature, a small decrease in reaction 
temperature below Tb yields markedly increased sym- 
pathetic nucleation kinetics. The initial growth kinetics 
of ferrite in the presence of an SDLE have been shown 
to be relatively rapid, tu Hence, the repeated nucleation 
occurring below Tb results in higher ferrite growth ki- 
netics when averaged over many crystals than at tem- 
peratures above the bay, where repeated nucleation is 
absent and ferrite growth kinetics decrease with time. ~ 
The combination of a higher nucleation rate and a higher 
effective growth rate of ferrite yields greatly accelerated 
overall transformation kinetics at reaction temperatures 
below Tb. The increased ferrite growth rate also inhibits 
carbide nucleation at a:3 '  boundaries by decreasing the 
mean survival time of the terraces between passing growth 
ledges. The passage of successive risers across terraces 
of a:3 '  boundaries thus becomes too frequent to allow 
the carbide phase time to nucleate. As a further conse- 
quence of the accelerated transformation kinetics, exten- 
sive overlap of the carbon diffusion fields of neighboring 
ferrite crystals soon occurs, as earlier described. The re- 
suiting carbon enrichment of the remaining austenite 
causes a cessation of sympathetic nucleation and the ini- 
tiation of a second transformation stage with slower overall 
kinetics. 
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Once sympathetic nucleation ceases, any increase in 
the ferrite volume fraction must occur by growth of ex- 
isting ferrite crystals. Because ferrite growth is restricted 
by an SDLE, the overall transformation kinetics during 
the second stage are greatly reduced relative to those of 
the first stage. If the SDLE is strong enough to induce 
ferrite growth stasis, then the second stage corresponds 
to overall transformation stasis, provided that ferrite 
nucleation at austenite grain boundaries (and at intra- 
granular sites wholly within austenite) has also stopped. 
If, on the other hand, ferrite growth does not cease en- 
tirely, transformation stasis does not occur, and the sec- 
ond transformation stage has a slightly positive slope. 
This condition can result when the Mo and/or C con- 
centrations in the alloy are sufficiently low, or the 
driving force for ferrite growth is sufficiently high. 

The third stage begins with the precipitation of inter- 
phase boundary carbides. Growth of the ferrite + carbide 
mixture during the third stage is more nearly equiaxed, 
much like growth at temperatures above the bay. Car- 
bide precipitation at ferrite: austenite boundaries is, in the 
context of ferrite growth kinetics, a process antithetical 
to the SDLE, since it should drain the SDLE-producing 
alloying element from a: y boundaries. Because ele- 
ments which produce an SDLE in Fe-C-X alloys often 
promote carbide precipitation, the development of trans- 
formation stasis seems to depend in an inverse manner 
upon the kinetics of carbide precipitation. There are at 
least two ways in which the formation of carbides can 
be postponed long enough for stasis to develop. In Fe- 
C-Mo, and perhaps in other Fe-C-X alloys as well, the 
rapid initial growth kinetics of sympathetically nucleated 
ferrite below Tb inhibit carbide precipitation at ferrite: 
austenite boundaries, as described previously. The in- 
creased difficulty of alloy carbide precipitation with de- 
creasing reaction temperature accentuates this effect. The 
use of synergistic combinations of alloying elements is 
a second approach to delaying carbide precipitation long 
enough for transformation stasis to occur.t26] For exam- 
ple, the combination of one alloying element which pro- 
duces an SDLE, e . g . ,  Mo or Mn, with a second element 
which inhibits carbide precipitation, e .g . ,  Si, may result 
in an alloy in which the SDLE is free to encourage sym- 
pathetic ferrite nucleation of ferrite and subsequent 
transformation stasis without interference from carbide 
precipitation. The synergism giving rise to trans- 
formation stasis in such steels could also result from an 
increase in the SDLE of one alloying element due to the 
presence of the second element. [74] 

In low-Mo alloys, the three-stage transformation be- 
havior is not observed (Figure 7). The absence of a sec- 
ond transformation stage can be attributed to the fact that 
the SDLE is not strong enough at low Mo levels to halt 
the growth of ferrite. Once nucleated, the ferrite can de- 
velop into the plate or lath morphology characteristic of 
Fe-C alloys and low-alloy steels. This composition de- 
pendence of the SDLE is indirectly, but usefully, sup- 
ported by a comparison of the degenerate ferrite 
morphology in an alloy in which the SDLE is strong 
(Figure 2(b)) with the ferrite morphology in an alloy 
containing less Mo in which the SDLE is presumably 
weaker (Figure 2(c)). The morphology of ferrite in 
Figure 2(c) is more nearly as it appears in Fe-C alloys. 

The effect of the C concentration in the alloy is most 
evident in the 0.9 pct Mo alloys (cf.  Figures 9, 10, and 
11). At this level of Mo, increasing the C concentration 
has the effect of inducing transformation stasis during 
the second stage. A second stage is not apparent in the 
0.086C alloy (Figure 9); the 0.15C alloy has a distinct 
second stage but no transformation stasis (Figure 10), 
and the 0.24C alloy exhibits a short but discernible pe- 
riod of transformation stasis (Figure 11). In the lower C 
alloy, loss of supersaturation attending the overlap of 
carbon diffusion fields is not severe enough to inhibit 
sympathetic nucleation. The nucleation process can thus 
continue, at least until carbide precipitation begins. In 
the 0.24C alloy, supersaturation loss through diffusion 
field overlap is extensive enough to prevent sympathetic 
nucleation, and transformation stasis occurs before car- 
bides are able to precipitate. 

The combined effects of the Mo concentration and the 
temperature upon the development of transformation stasis 
at a constant C concentration of about 0.2 pct are sum- 
marized in Figure 21. The upper temperature limit of the 
stasis region corresponds to the temperature of the bay. 
Since sympathetic nucleation of ferrite during the first 
transformation stage is a prerequisite for the develop- 
ment of a second stage, transformation stasis can only 
occur below Tb. The lower temperature limit of the stasis 
region is the temperature below which the slope of the 
second stage of transformation becomes greater than zero. 
This results from the continued nucleation and/or growth 
of ferrite at temperatures low enough so that the SDLE 
can be overcome by the increasing driving force for fer- 
rite formation. The disappearance of transformation stasis 
below approximately 1 pct Mo (see Figure 17 at 0.2 pct C) 
is due to the relatively unrestricted growth of ferrite re- 
sulting from the diminished strength of the SDLE. 

It is worthwhile to note that the gradual disappearance 
of transformation stasis with decreasing temperature 
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contradicts the view that the bainite reaction has a dis- 
tinct By, occurring at a volume fraction of unity analo- 
gous to the martensite finish temperature, t~31 At least in 
the present alloys, this is not observed. For example, 
with decreasing temperature, transformation stasis dis- 
appears between 570 ~ and 585 ~ in the Fe-0.19C- 
1.81Mo alloy (Figure 13), yet the proportion of ferrite 
at the beginning of the second stage of transformation at 
570 ~ is still much less than unity. The bainite/martensite 
parallel is further weakened by the fact that incomplete 
transformation is not observed in low-Mo, low-C alloys 
(Figure 17). In Fe-C base alloys, however, both Ms and 
My temperatures are readily delineated over the widest 
accessible ranges of C concentration. Thus, the lower 
bound of the transformation stasis region in Figure 21 
does not represent the By temperature as usually defined. 

B. Growth Kinetics 

Previous investigations of the growth kinetics of bain- 
ite have usually emphasized the lengthening and thick- 
ening rates of bainite plates. |4L75-sll However, strong 
interfacial structure barriers to the growth of plate-shaped 
precipitates t8~-841 complicate the interpretation of such data. 
While this barrier to growth evidently also occurs at grain 
boundary allotriomorphs, tSsj it appears to be less effec- 
tive, presumably due to the higher average density of 
ledges on allotriomorph interphase boundaries. When 
measured properly, t34,47J allotriomorph thickening kinet- 
ics can yield reproducible data with which to investigate 
the SDLE of alloying elements; corrections for structural 
barriers to growth are generally minor, t34,471 

Previous studies of allotriomorph thickening in Fe-C- 
Mo alloys have demonstrated significant discrepancies 
between experimentally determined ferrite growth ki- 
netics and those calculated assuming paraequilibrium 
growth with either a planar or an ellipsoidal interface 
and control of growth by carbon diffusion in austenite 
away from a disordered a: 'y boundary, t~,~9,2~ Neither 
the observed maximum in the growth kinetics at the 
upper nose of the TTT diagram Lzlj nor a minimum in 
the kinetics at the bay temperature t~9J are predicted by 
any currently available growth model. A number of qual- 
itative explanations for these discrepancies have been 
proposed, including the transition from orthoequilib- 
rium to paraequilibrium growth, [861 carbon clustering, 
GP (Guinier-preston) zone formation or carbide pre- 
cipitation within austenite, r87,gSj and pinning of ferrite: 
austenite boundaries by carbides. EaS'a9~ These explanations 
have been ruled out previously as primary sources for 
the differences between measurements and calcula- 
tions, t471 Additional complications in ferrite growth 
behavior have been found by Shiflet and Aaronson. tl~ 
Whereas previous studies almost invariably yielded para- 
bolic thickening kinetics of ferrite allotriomorphs, these 
investigators observed that allotriomorph thickening in 
alloys containing 0.15 to 0.25 pct C and 2.3 to 4.3 
pet Mo can exhibit up to four different types of kinetics 
(Figure 19 of Reference 1) at temperatures above Tb .t~l 
These stages depend on the C and Mo concentrations and 
the reaction temperature, t~l During the middle stage of 
Type IV growth (Figure 19 of Reference 1), allotrio- 
morph thickening ceases entirely; this phenomenon was 

termed growth stasis, l~l Examples of growth stasis have 
also been observed in Fe-C-Mo alloys with hot-stage, 
high-voltage electron microscopy by Purdy. |88~ 

The present work indicates that at least some of the 
growth types fouaad in Fe-C-Mo alloys above Tb also occur 
below Tb. The two-stage growth observed in Fe-0.24C- 
0.93Mo at 650 ~ (TD and 640 ~ (Figures 18(a) and 
(b)) falls into the Type II category of Figure 19, in which 
the second stage of growth has a steeper slope (in the 
log of thickness vs log t plot) than the first. At 630 ~ 
however, the second stage has slower kinetics than the 
first, This may be due to "soft impingement" (significant 
overlap of the C diffusion fields associated with adjacent 
ferrite crystals) or to the appearance of only the first two 
stages of Type !II growth prior to termination of the 
measurements. The former possibility is eliminated by 
comparing the extent of the C diffusion field around a 
growing ferrite crystal to the average distance between 
such crystals. Growth measurements at 630 ~ were ter- 
minated when the fraction of intragranular degenerate 
ferrite had increased to the point where sampling of grain 
boundary ferrite allotriomorphs became difficult. This 
occurred at an allotriomorph thickness of about 10/~m; 
nearest-neighboring ferrite crystals were at least 20/zm 
away. Applying Zener's linearized gradient analysist46.9ol 
to this alloy and temperature on the paraequilibrium as- 
sumption, the C diffusion field extends less than 1 /~m 
from a spherical ferrite precipitate 10/~m in diameter or 
approximately 5/~m from the ~worst case" estimate of 
a 10-/xm-thick ferrite crystal with a planar growth front. 
Therefore, the decrease in growth kinetics at 630 ~ oc- 
curs well before significant overlap of C diffusion fields. 
The growth behavior at this temperature thus appears to 
be an example of the Type III growth mode, as would 
be expected taj on the basis of the lower reaction 
temperature. 

Type IV allotriomorph thickening kinetics, whose 
middle stage corresponds to growth stasis, were not found 
at Tb (650 ~ or up to 20 ~ below Tb in the Fe-0.24C- 
0.93Mo alloy. This seems to disagree with the obser- 
vation that this alloy exhibits transformation stasis at 
640 ~ and 630 ~ (Figures 1 l(d) and (e)). However, 
this discrepancy is due to the fact that the growth mea- 
surements were made on grain boundary allotriomorphs, 
which account for only a small proportion of the ferrite 
formed at temperatures below Tb. Most of the ferrite at 
these temperatures is of the degenerate variety, com- 
posed of small, sympathetically nucleated crystals, which 
evidently do achieve growth stasis. The small increase 
in the amount of ferrite resulting from the formation of 
allotriomorphs is less than the error in the quantitative 
metallographic determination of the ferrite volume frac- 
tion and, thus, should have little effect on the overall 
transformation kinetics below Tb. Unfortunately, the ir- 
regular shapes of the degenerate structures prevent use- 
ful measurements from being made on their growth 
kinetics. Some form of hot-stage microscopy may be re- 
quired in order to test our conclusion that the degenerate 
morphology undergoes the predicted growth stasis. 

As to why ferrite crystals comprising degenerate struc- 
tures almost certainly exhibit growth stasis while grain 
boundary allotriomorphs do not, one can no longer as- 
cribe this distinction to gross differences in interphase 
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boundary structure. A recent investigation of the inter- 
facial structure of grain boundary a allotriomorphs in a 
hypoeutectoid Ti-Cr alloy shows that these boundaries 
are partially coherent at both their rationally and irra- 
tionally oriented interfaces.r85~ This observation indicates 
that the interphase boundary structures of plates I22,9u and 
allotriomorphs are basically similar. However, the rel- 
atively complex shapes of even individual crystals within 
degenerate plates suggest that their growth ledge struc- 
tures are more complicated and diverse than those on 
allotriomorphs. This is contrary to normal expectation 
and perhaps arises from the important role which sym- 
pathetic nucleation plays in the development of degen- 
erate Widmanstfitten structures. In Ti-base alloys, the 
precipitate :precipitate interfaces created during sympa- 
thetic nucleation have been found to be a good source 
of growth ledges, t4~ and degenerate plates have been 
shown to be associated with a particularly complex ledge 
structure. [921 

A further explanation for the different growth kinetics 
of these two morphologies is that degenerate ferrite crys- 
tals, particularly at later stages of transformation, are 
growing into austenite containing an appreciably higher 
carbon concentration than the bulk carbon content. On 
the other hand, allotriomorph thickening measurements 
are deliberately made prior to overlap of C diffusion fields 
from neighboring ferrite crystals. Ferrite growth kinetics 
decrease, and the SDLE appears to become more effec- 
tive with increasing bulk carbon concentration, i.e., as 
the supersaturation driving growth decreases, t931 Hence, 
the development of growth stasis in association with de- 
generate ferrite (rather than allotriomorphs) is promoted 
by the lesser supersaturation into which degenerate fer- 
rite grows. 

C. Solute Drag-Like Effect 

In this section, an attempt will be made to place the 
SDLE, upon which most of the preceding sections have 
been based, on a more quantitative basis and to apply it 
to experimental data we have reported on the composi- 
tion of ferrite: austenite boundaries in an Fe-C-Mo alloy.I941 
The underlying assumptions of the model to be devel- 
oped are as follows. The growth of carbide-free ferrite 
with an SDLE occurs without bulk partitioning of sub- 
stitutional alloying elements between austenite and fer- 
rite. This requirement is met by most alloying elements 
at temperatures almost up to the Ae3 t551 and has been 
demonstrated in Fe-C-2 pct Mo alloys with both electron 
microprobe t19~ and FIM/AP I941 analysis. Furthermore, 
ferrite growth kinetics are taken to be approximated ad- 
equately as controlled by carbon diffusion in austenite. 
Numerical simulations of ledgewise growth tT~ support 
this assumption that when the ratio of the interledge 
spacing to the ledge height is relatively small, the re- 
action times are long and the supersaturation is relatively 
high. The growth kinetics can then be modeled in the 
usual manner, with a flux balance equation for the C 
component. 

The migration of the a : y  boundary is envisioned to 
involve several steps. In the first, the substitutional sol- 
ute concentration in the moving a : y  boundary adjusts 
from the concentration present during nucleation to a value 

dependent upon the growth kinetics. This latter concen- 
tration is a function of chemical and elastic interactions 
between solute atoms and the boundary. The transient 
period during which the substitutional concentration in 
the boundary is acquired is expected to be short. Since 
substitutional species are highly mobile within the 
boundary,* they can be "swept up" by the advancing 

*The boundary diffusivity of  substitutional solutes in iron is roughly 
of the same magnitude as the carbon diffusivity in austenite, t95~ 

boundary, f471 The volume of the boundary is small rel- 
ative to the volume of the ferrite, so a change in the 
boundary concentration will produce a negligible change 
in the ferrite composition. For this reason, the concen- 
tration of X in the boundary is permitted to vary 
independently of the bulk concentration. 

Once the steady-state concentration of X in the bound- 
ary is attained, the carbon concentrations in ferrite and 
in austenite in contact with the boundary are determined 
by a constrained, local type of equilibrium among fer- 
rite, the ferrite: austenite boundary, and austenite. The 
Gibbs free energy of the system is minimized subject to 
the condition that exchange of substitutional atoms among 
the three phases does not occur (once the kinetic bound- 
ary composition has been established). This can be al- 
ternately stated as the equilibration of carbon chemical 
potentials among these phases, but based upon what 
amounts to, at our present level of understanding, an es- 
sentially arbitrary potential in the mobile areas of ferrite: 
austenite boundaries. The procedure is similar to the fa- 
miliar paraequilibrium concept f4s,96J but now with the ad- 
dition of a boundary phase between ferrite and austenite. 

The departure of the present approach from bulk para- 
equilibrium (i.e., paraequilibrium between the ferrite and 
austenite without explicit consideration of the inter- 
vening interphase boundary) is that the composition of 
the a:  7 boundary "phase" is allowed to depend upon 
kinetic factors rather than upon local thermodynamic 
equilibrium. Because the a:  7 boundary does not reach 
full equilibrium with the adjacent bulk phases, the Gibbs 
(or some other) adsorption isotherm is not utilized to de- 
termine the boundary composition. Instead, though not 
considered explicitly, solute concentrations in the a:  Y 
boundary are permitted to depend on factors such as the 
boundary structure and velocity; thus, the ratio of sub- 
stitutional solute atoms to iron atoms in the a : y bound- 
ary may differ from this ratio in the bulk phases. 

Because the X and C concentrations in the boundary 
cannot presently be calculated a priori, they will first be 
treated parametrically. In addition, the adjustments in the 
boundary composition are taken to occur rapidly com- 
pared to the equilibration of carbon chemical potentials 
in ferrite and austenite, since the latter require long-range 
volume diffusion of carbon. This last assumption amounts 
to a quasi-static approach to the problem. The time de- 
pendence of the growth kinetics, however, is retained in 
the conventional growth equation. On this approach, the 
SDLE on growth is exerted through an adjustment to the 
boundary conditions of this equation. 

Following earlier proposals, 04,19,47] it is suggested that 
the a : y boundary composition during growth determines 
the operative C chemical potential in the ferrite and es- 
pecially in the austenite in contact with this boundary. 
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Since the bulk phases must communicate through the 
boundary region, it is reasonable to postulate that the 
carbon concentrations in the bulk phases are determined 
by a constrained* equilibrium with the boundary phase. 

*This is defined as no exchange of substitutional atoms between 
any two phases once the boundary composition has been established. 

For a given a : y  boundary composition (which is deter- 
mined by kinetic factors), the concentrations of C in fer- 
rite and in austenite in contact with the boundary are 
determined by the condition that the chemical potential 
of carbon in the bulk phases at the boundary is the same 
as the carbon potential within the boundary. 

There is an important distinction between the pro- 
posed SDLE and the more familiar impurity or solute- 
drag models applied to grain g r o w t h  [63-66] o r  tO massive 
transformations, t97] According to these models, grain 
boundary concentrations are also a function of velocity, 
but the boundary velocity is related to a drag force 
which results from the binding of solute atoms to the 
boundary or to a dissipation of free energy arising from 
diffusion across the boundary. The drag force described 
here results from a change in C partitioning due to 
nonequilibrium concentrations of carbon and of substan- 
tial solute in the a:  y boundary. Although the boundary 
composition may be related to the binding energy of the 
solutes to the boundary or to a cross-boundary diffusiv- 
ity, this information is not required to determine the drag 
force, and unlike the previous solute-drag models, the 
boundary velocity on the present approach is not con- 
sidered explicitly and need not be constant. 

To determine the magnitude of the SDLE exerted by 
a specific alloying element upon the growth kinetics of 
ferrite, one must know the activity of C in the ferrite: 
austenite boundary during growth. Strictly speaking, the 
thermodynamic description of the boundary phase de- 
pends upon the properties of the bulk phases and the 
interfacial free energy. However, the proper Gibbsian 
description of the boundary is difficult to apply in this 
case due to the lack of information on solute adsorption 
at a : y  boundaries in Fe-C-X alloys. Alternatively, the 
activity of C in the a:  7 boundary may be estimated from 
an equilibrium boundary composition and assumed ac- 
tivity functions. The following procedure was accord- 
ingly employed to estimate the required information. 
Chemical potential functions were obtained from the 
Hillert-Staffansson model, t981 The solution constants for 
ferrite:austenite boundaries in Fe-C-Mo were fitted to an 
equilibrium boundary composition estimated from ex- 
perimentally determined equilibrium austenite grain 
boundary, 1691 ferrite grain boundary, [681 and fer- 
rite:austenite boundary compositions, Is81 extrapolated to 
down to 585 ~ the temperature at which FIM/AP data 
were secured on the a:  y boundary composition [941 in an 
Fe-0.19 wt pct C-1.81 wt pct alloy. The equilibrium C 
and Mo concentrations in a :  7 boundaries were estimated 
to be 15 at. pct C and 20 at. pct Mo in this alloy at 585 ~ 
The C and Mo concentrations in the a:  y boundary dur- 
ing growth were then varied parametrically, and the con- 
centrations of C in bulk ferrite and in bulk austenite in 
contact with the a:  ? boundary were computed by equat- 
ing the chemical potential of C, /x  o in ferrite and in aus- 
tenite with its value in the a:y  boundary; i.e., tx~ = 

/Zc ~ and /x~ = /Xc ~, where ~b denotes the a : y  "boundary 
phase." 

The results of this calculation are presented in Figure 22 
by showing X~, the mole fraction of C in austenite at 
the a:  y boundary, as a function of the mole fractions of 
C and Mo in the boundary, Xc ~ and X~o, respectively. 
The greater the value of X~ for a given alloy, the higher 
the C gradient in austenite, the larger the C flux, and 
thus, the greater the ferrite growth kinetics. Although 
X~ varies continuously with Xc ~ and X~o, it is truncated 
in Figure 22 at the conventional bulk paraequilibrium value 
to display more clearly the range of boundary concen- 
trations which yield slower than paraequilibrium kinetics. 

The boundary compositions which yield values of 
X~ less than the paraequilibrium value forecast slower 
growth kinetics than predicted under bulk para- 
equilibrium. These conditions are met for a wide range 
of boundary compositions, especially at lower C and 
higher Mo concentrations in the boundary. When X~ is 
depressed to the bulk atom fraction of C in the alloy, 
0.0088 in this case, the C gradient in austenite driving 
growth will be zero, and ferrite growth will cease. Thus, 
for the particular choice of boundary thermodynamic pa- 
rameters employed here, the proposed model for the SDLE 
can produce growth stasis for many combinations of 
Xc ~ and X~o. It is of special interest to note that this model 
does not require Mo adsorption to the a:  y boundary, but 
only that the combination of the C concentration and the 
Mo concentration in the boundary produces a lower value 
of the carbon activity in the boundary than that deter- 
mined from bulk paraequilibrium. 

The compositions of t~:y interfaces formed in Fe-0.19 
wt pct C-1.81 wt pct Mo at 585 ~ for 30 seconds has 
been measured recently with an FIM/AP [941 and permit 
a test to be made of this SDLE model. From the trans- 
formation curve for this alloy and temperature 
(Figure 13(h)), it is evident that the reaction time of 
30 seconds is within the first transformation stage, i.e., 
before transformation stasis has developed. As has been 
discussed in some detail, the SDLE should be operative 
under these conditions. The measured a:  y boundary 
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Fig. 2 2 - - T h e  calculated mole fraction of carbon in austenite at the 
a: y boundary, X~, as a function of the carbon and molybdenum con- 
centrations within the a: 'y boundary. Fe-0.19 wt pct C-1.81 wt pct 
Mo, reacted at 585 ~ at paraequilibrium, X~ = 0.09. 
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concentrations are Xc ~ = 0.08 and X~o = 0.027. [94] From 
Figure 22, slow ferrite growth is not expected since 
X~ is greater than the paraequilibrium value; i.e., the 
calculated value is above the truncated plateau. How- 
ever, it is probable that the measured value of Xc ~ is not 
the value that was present during growth. Because of the 
high diffusivity of C in both austenite and in ferrite and 
the difficulty of quenching-in the value of Xc ~ present at 
585 ~ the measured Xc* should actually be that char- 
acteristic of a considerably lower reaction temperature. 
The temperature below which the C concentration in a :  y 
boundaries can be retained with the experimental con- 
ditions employed has been estimated to lie between 450 ~ 
and 370 ~ Thus, the value of Xc ~ actually present 
during growth at 585 ~ was almost certainly less than 
0.08. As a crude estimate, if the boundary condition is 
assumed to scale with the paraequilibrium Ae3, the value 
of Xc ~ at 585 ~ would be approximately 0.04, roughly 
half the value of Xc* at 370 ~ From Figure 22, this 
Xc ~ results in a value of X~ of approximately 0.087 (the 
paraequilibrium X~ at 585 ~ is 0.090), corresponding, 
in turn, to a parabolic rate constant of 2 . 3 / z m / s  1/2, 
an 8 pct reduction from the paraequilibrium value of 
2 . 5 /xm/ s  1/2. Although this reduction in the growth 
constant is not large, it does demonstrate that the present 
approach can produce slower ferrite growth than pre- 
dicted under paraequilibrium conditions. To achieve 
growth stasis, X~ must be reduced to the bulk carbon 
concentration, 0.0088. This requires significantly more 
Mo or less C within the a :  y boundary than was reported. 
Two factors appear to bear primary responsibility for this 
discrepancy. First, the measured boundary concentra- 
tions of C and of Mo are averaged over a randomly cho- 
sen area of the a:  y boundary. These values may not 
accurately reflect the compositions in the widely sepa- 
rated t99j mobile portions of the a:y  boundary res!?onsible 
for growth. The uncortainty in the measured X~ is car- 
ried through calculation of the parabolic rate constant. 
Second, the solution parameters for the a:y  boundary 
are unknown. Without this information, the shape of the 
surface in Figure 22 and the magnitude of the SDLE 
cannot be accurately established. The calculations re- 
ported here are thus intended primarily to present an ap- 
proach to quantifying the SDLE rather than to offer a 
quantitatively meaningful calculation of the strength of 
this effect at a given reaction temperature and time in a 
particular alloy. 

D. On Identifying Bainite in Fe-C-Mo Alloys 

There is still considerable debate in the literature 
as to what should properly be called bainite. The three 
definitions in common usage, the surface relief, t27~ 
the overall reaction kinetics, tz,13,~51 and the generalized 
microstructural tlaj definitions have been shown to refer 
to different transformation phenomena, t~4,~~176 The results 
of this investigation and of a previous study on Fe-C- 
Mo alloys tll clearly illustrate some of the contradictions 
among the three definitions. 

On the surface relief definition, bainite consists 
of ferrite plates which exhibit an invariant plane strain 
relief effect at a free surface, t271 In the higher Mo- 
containing Fe-C-Mo alloys employed in the present study, 

ferrite plates are not observed at temperatures between 
Tb and slightly below the upper nose in the T T T  curve 
for initiation of transformation, t1,19~ The degenerate 
Widmanstiitten structure formed below Tb does not pro- 
duce an invariant plane strain relief on the scale of op- 
tical microscopy (Figure 4(a)). Thus, surface relief bainite 
is not present in the temperature-composition region 
investigated. 

On the overall reaction kinetics view, bainite forms in 
the temperature range of the lower "C" curve on the TTT 
diagram. The product should also exhibit the incomplete 
transformation phenomenon just below the Bs (i.e., below 
Tb). However, in Fe-C-Mo alloys, the presence of trans- 
formation stasis is composition-dependent (Figure 17); it 
is not a general characteristic of transformation below 
Tb. In addition, the To temperature, the upper limit of 
bainite formation by a martensitic mechanism, is usually 
in poor agreement with the bay temperature in Fe-C-Mo 
alloys, t14~ For example, in Fe-0 .19wt  pctC-1.81 wt 
pct Mo, To is 750 ~ (calculated using the Hillert- 
Staffansson model~5~ and the bay temperature is 615 ~ 

The interpretation of the shape of the T T T  diagram in 
terms of bainite and pearlite "C" curves tt3j is clearly in- 
accurate in Fe-C-Mo alloys and probably in other alloy 
steels as well. As previously indicated, pearlite forma- 
tion becomes increasingly rare with increasing Mo con- 
centration, t23~ In the Fe-0.19 wt pct C-1.81 wt pct Mo 
alloy, there is a negligible amount of pearlite formation 
despite the presence of well-defined upper and lower "C" 
curves (Figure 1). The upper "C" curve in this alloy re- 
suits from ferrite and alloy carbide precipitation in a va- 
riety of nonpearlite morphologies. Thus, the criteria of 
the overall reaction kinetics definition of bainite do not 
apply at all well to Fe-C-Mo alloys. 

Microstructural bainite is defined as any nonlamellar, 
noncooperative, eutectoid decomposition product, t~4] This 
includes ferrite + interphase boundary carbide mixtures 
formed above and below Tb. Because transformation stasis 
occurs before carbide precipitation, the incomplete re- 
action phenomenon is considered to be associated with 
the proeutectoid ferrite reaction and not with micro- 
structural bainite. Bainite is not confined to temperatures 
below To but can form at temperatures up to the relevant 
eutectoid temperature range. The advantages of this def- 
inition are its lack of ambiguity and its general appli- 
cability. It relies upon the structure of the reaction product 
for identification. The surface relief and overall reaction 
kinetics definitions identify bainite in terms of features 
of a presumed martensitic reaction mechanism. Aside from 
the objections which have been raised as to the viability 
of a displacive mechanism for the bainite reac- 
tion, tla,l~176176 these two definitions should be discarded 
because they either fail to discriminate reliably between 
reaction mechanisms (surface reliefs) or they depend upon 
phenomena which are caused by special alloying ele- 
ments and are insufficiently general (i.e., incomplete 
transformation). 

V. SUMMARY 

' The overall kinetics of isothermal transformation of 
austenite to bainite were studied with quantitative optical 

1 4 6 0 - -  VOLUME 21 A, JUNE 1990 METALLURGICAL TRANSACTIONS A 



metallography and TEM in a series of high-purity 
Fe-C-Mo alloys containing from 0.06 to 0.27 wt pct C 
and from 0.23 to 4.28 wt pct Mo at reaction tempera- 
tures mainly below that of the bay in the T T T  curve for 
initiation of transformation. Limited studies were also 
made of the thickening kinetics of grain boundary 
allotriomorphs below Tb. The results and conclusions are 
summarized as follows: 

1. Occurrence of the incomplete transformation phe- 
nomenon, or transformation stasis, depends upon the 
C and Mo concentrations in Fe-C-Mo alloys. It is not 
observed in low-C or in low-Mo, Fe-C-Mo alloys. 
Therefore, it is not a general feature of the bainite 
reaction. 

2. Acceleration of transformation at temperatures below 
the bay results from the onset of sympathetic nucle- 
ation and an increased average growth rate of ferrite. 
The repeated nucleation of new ferrite crystals causes 
a repeated reentry into the initial stages of growth, 
wherein the SDLE is still developing. This permits 
relatively high (but still diffusion-limited) rates of 
growth to be achieved. 

3. Transformation stasis in Fe-C-Mo alloys can be ex- 
plained by considering the influence of Mo upon the 
formation of ferrite. Transformation stasis occurs when 
the sympathetic nucleation of carbide-free ferrite ceases 
due to carbon enrichment of the remaining austenite. 
The growth of the first formed ferrite crystals and of 
the individual sympathetically nucleated ferrite crys- 
tals subsequently appearing is restricted by an SDLE. 
Ferrite and carbide mixtures (e.g., upper and lower 
microstructural bainite) are not expected to exhibit 
transformation stasis. 

4. Resumption of transformation following trans- 
formation stasis is initiated by the precipitation of 
Mo2C carbides at ct:y boundaries. 

5. Ferrite growth kinetics up to 20 ~ below Tb in an 
Fe-0.24 wt pct C-0.93 wt pct Mo alloy do not obey 
a simple time law. The time exponent itself varies 
with time and is reminiscent of behavior previously 
reported for ferrite growth in Fe-C-Mo alloys at 
temperatures above the bay. t~l 

6. The degenerate ferrite morphology formed at tem- 
peratures below Tb results from extensive sympa- 
thetic nucleation of ferrite and from the restrictions 
on ferrite growth imposed by the SDLE. 

7. The degenerate morphology produces a surface rum- 
piing type of relief; an invariant plane strain surface 
relief, at least on the scale of optical microscopy, was 
not found. 

8. The absence of the Widmanst~itten ferrite morphol- 
ogy, at reaction temperatures between the upper nose 
and the bay in the T T T  curve for initiation of trans- 
formation, is due to a reduction in the anisotropy of 
growth caused by the SDLE and the precipitation of 
interphase boundary carbides. 

9. An approach to calculating the magnitude of the SDLE 
on ferrite growth is proposed. The C concentrations 
in ferrite and the C concentration in austenite (both 
of which govern ferrite growth kinetics) are deter- 
mined by setting the chemical potentials of C in these 
phases equal to the chemical potential of C in the 

boundary. This latter value depends upon the C and 
the Mo concentrations within the boundary, which, 
in turn, are set by the boundary migration kinetics 
rather than by thermodynamic equilibrium. At pres- 
ent, these boundary concentrations must be deter- 
mined experimentally, e.g., by FIM/AP analysis. 
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