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The mechanical properties of thin films on substrates are described and studied. It is shown 
that very large stresses may be present in the thin films that comprise integrated circuits and 
magnetic disks and that these stresses can cause deformation and fracture to occur. It is argued 
that the approaches that have proven useful in the study of bulk structural materials can be used 
to understand the mechanical behavior of  thin film materials. Understanding the mechanical 
properties of thin films on substrates requires an understanding of the stresses in thin film struc- 
tures as well as a knowledge of the mechanisms by which thin films deform. The fundamentals 
of these processes are reviewed. For a crystalline film on a nondeformable substrate, a key 
problem involves the movement of  dislocations in the film. An analysis of  this problem provides 
insight into both the formation of misfit dislocations in epitaxial thin films and the high strengths 
of thin metal films on substrates. It is demonstrated that the kinetics of  dislocation motion at 
high temperatures are especially important to the understanding of the formation of  misfit dis- 
locations in heteroepitaxial structures. The experimental study of mechanical properties of thin 
films requires the development and use of  nontraditional mechanical testing techniques. Some 
of the techniques that have been developed recently are described. The measurement of  substrate 
curvature by laser scanning is shown to be an effective way of measuring the biaxial stresses 
in thin films and studying the biaxial deformation properties at elevated temperatures. Sub- 
micron indentation testing techniques, which make use of  the Nanoindenter, are also reviewed. 
The mechanical properties that can be studied using this instrument are described, including 
hardness, elastic modulus, and time-dependent deformation properties. Finally, a new testing 
technique involving the deflection of microbeam samples of  thin film materials made by inte- 
grated circuit manufacturing methods is described. It is shown that both elastic and plastic prop- 
erties of thin film materials can be measured using this technique. 

The Institute o f  Metals Lecture was established in 1921, at which 
time the Institute o f  Metals Division was the only professional division 
within the American Institute o f  Mining and Metallurgical Engineers 
Society. It has been given annually since 1922 by distinguished men 
f rom this country and abroad. Beginning in 1973 and thereafter, the 
person selected to deliver the lecture will be known as the "'Institute 
o f  Metals Division Lecturer and R.F.  Mehl  Medalist" for  that year.  

WILLIAM D. NIX, Professor, obtained his B.S. degree in Met- 
allurgical Engineering from San Jose State University, San Jose, CA, 
and his M.S. and Ph.D. degrees in Metallurgical Engineering and 
Materials Science, respectively, from Stanford University, Stanford, 
CA. He joined the faculty at Stanford in 1963 and was appointed 
Professor in 1972. In 1964, Professor Nix received the Western Elec- 
tric Fund Award for Excellence in Engineering Instruction and, in 
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1970, the Bradley Stoughton Teaching Award of ASM. He received 
the 1979 Champion Herbert Mathewson Award and, in 1988, was the 
Institute of  Metals Lecturer and recipient of  the Robert Franklin Mehl 
Award of TMS-AIME.  He was elected Fellow of  the American So- 
ciety for Metals in 1978 and elected Fellow of TMS-AIME in 1988. 
He also received a Distinguished Alumnus Award from San Jose State 
University in 1980, and he served as Chairman of the 1985 Gordon 
Conference on Physical Metallurgy. In 1987, he was elected to the 
National Academy of Engineering. In 1966, he participated in the 
Ford Foundation's  "Residence in Engineering Practice" program as 
Assistant to the Director of  Technology at the Stellite Division of  
Union Carbide Corporation. From 1968 to 1970, Professor Nix was 
Director of  Stanford's Center for Materials Research. Professor Nix 
is engaged in research on the mechanical properties of  solids. He is 
principally concerned with the relation between structure and me- 
chanical properties of  materials in both thin film and bulk form. He 
is coauthor of  about 190 publications in these and related fields. Pro- 
fessor Nix teaches courses on dislocation theory and mechanical prop- 
erties of  materials. He is coauthor of  "The Principles of  Engineering 
Materials," published in 1973 by Prentice-Hall, Incorporated, 
Englewood Cliffs, NJ. 

I .  D E D I C A T I O N  

THIS paper is dedicated to the memory of Professor 
G. Marshall Pound, who passed away in May of 1988, 
during the time this manuscript was being prepared. 
Professor Pound was Professor of  Metallurgy and Ma- 
terials Science for almost 40 years, having served on the 
faculties of  the Carnegie Institute of Technology and 
Stanford University. He will be remembered for the gusto 
he brought to classroom teaching, for his vigorous pur- 
suit of excellence in research, and for the wisdom he 
provided in the guidance of students and junior faculty 
(including the present author). His own Institute of Met- 
als Lecture entitled "Perspectives on Nucleation" was 
published in this journal in April of  1985. It was a fitting 
tribute to his professional career and to his scholarly work 
in the field of  Metallurgy and Materials Science. The 
passing of Professor Pound represents a significant loss 
for the field of  Metallurgy and Materials Science and for 
the departments at Carnegie Mellon and Stanford. But 
our field and our departments are much richer for the 
40-year association we had with this great man. 

I I .  I N T R O D U C T I O N  

Understanding the relationships between micro- 
structure and mechanical properties has always been one 
of the primary goals of  metallurgy and materials science. 
Since ancient times, materials have been used primarily 
for structural, load-bearing applications; thus, the me- 
chanical properties of structural materials have always 
been of paramount importance to our society. This focus 
on understanding the mechanical properties of structural 
materials has stimulated a large amount of  research that 
has led to a deep understanding of the microscopic pro- 
cesses responsible for the mechanical behavior of ma- 
terials. It has also led to the development of an impressive 
array of advanced, high-performance structural materials. 

In recent years, more and more attention has been 
devoted to materials that are not intended for use in 
load-bearing applications. These are the "high-tech" 
materials that have provided the basis for the informa- 
tion revolution. Too frequently, however, we think of 

these materials solely in terms of their electronic, mag- 
netic, or optical properties. We need to remind ourselves 
that other, nonelectronic properties of these materials can 
be equally important. For example, the materials used 
to fabricate microelectronic integrated circuits and mag- 
netic disks must perform their electronic and magnetic 
functions, but they must also have certain chemical and 
mechanical properties to be able to do this. These de- 
vices must be reliable, they must have structural integ- 
rity, and they must retain that integrity over their lifetime; 
corrosive and mechanical failures must not occur. Thus, 
these materials, though not selected exclusively for their 
mechanical and chemical properties, must provide ade- 
quate resistance to the mechanical and chemical forces 
that arise in these applications. 

Most of the materials and devices that have led to the 
information revolution are in the form of thin films de- 
posited on rigid substrates. Thin films ranging in thick- 
ness from a few nanometers to a few micrometers, for 
instance, comprise the most important parts of  integrated 
circuits and magnetic disks. As discussed in Section III,  
these films are frequently subjected to very large stresses 
which can cause a wide variety of deformation and frac- 
ture processes to occur. For these reasons, the mechan- 
ical properties of  thin films, especially those thin films 
that are used in integrated circuits and magnetic disks, 
deserve the same kind of study that the mechanical prop- 
erties of  bulk structural materials have received. Just as 
for bulk structural materials, it is important to under- 
stand the microscopic processes responsible for defor- 
mation and fracture of these thin film materials so that 
the mechanical properties of  these materials can be 
changed through the control of microstructure. These 
thoughts have motivated much of the work described in 
this paper. 

The viewpoint of this paper is that the field of  met- 
allurgy and materials science has the primary responsi- 
bility for understanding the mechanical properties of  
microelectronic and magnetic thin films. In the past, this 
work has been done largely by scientists and engineers 
from other disciplines, mainly out of necessity. By con- 
trast, our own field has played a relatively minor role in 
this work. It is hoped that this paper will encourage oth- 
ers in our field to apply their knowledge and skills in 
the area of  mechanical properties to the problems and 
opportunities that exist in microelectronic, magnetic, and 
optical thin film materials. 

Following this introduction, we give a brief account 
of  some of the mechanical behavior problems that arise 
in microelectronic and magnetic thin film materials. This 
review is purely qualitative and tutorial and provides a 
technological context for the studies of mechanical prop- 
erties that are described in the remaining sections of the 
paper. Following this, a brief description of some of the 
basic concepts relating to stresses and deformation pro- 
cesses in thin films on substrates are given. This back- 
ground is provided for those readers who are unfamiliar 
with the field of thin film mechanical properties. 

The remaining sections of  the paper deal with selected 
topics relating to the mechanical properties of thin films 
on substrates. The subject is much too broad and exten- 
sive to attempt a comprehensive review here. Selected 
topics are presented that relate directly to dislocation 
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processes in thin films and provide understanding of 
both the formation of misfit dislocations in thin film 
structures and the strength of thin films on substrates. 
Because experimental techniques for measuring stresses 
and mechanical properties in thin films are just now 
emerging, it seems appropriate to focus some of our 
attention on these techniques. 

We begin this study by examining the problem of mis- 
fit dislocation formation in epitaxial thin films on single- 
crystal substrates. This problem is important in its own 
right because there is a great amount of interest in cre- 
ating device-quality semiconductor alloys by forming 
epitaxial thin films on dislocation-free silicon substrates. 
This subject is also of  interest here because it provides 
a vehicle for understanding how dislocation motion oc- 
curs in thin films on substrates, which, in turn, leads to 
an understanding of the high biaxial yield strengths of  
these films. Our study of the strength of thin films on 
substrates focuses special attention on the substrate cur- 
vature technique for studying these properties. The me- 
chanical properties of thin films can also be studied using 
submicron indentation methods. This technique has be- 
come popular in recent years because of the availability 
of commercial depth-sensing instruments with sufficient 
resolution to study the properties of  very thin films on 
substrates. 

In the last section of the paper, we report briefly on 
the development of a new microbeam deflection tech- 
nique for studying the mechanical properties of  thin film 
materials. This technique makes use of  integrated circuit 
manufacturing methods to create miniature test samples 
that can be loaded with an indentation instrument. The 
creation of special test geometries permits the study of 
deformation in other than the indentation mode (without 
the hydrostatic pressure that is a natural part of  inden- 
tation). This approach may also permit a study of frac- 
ture and interfacial decohesion of thin films from their 
substrates. 

III. STRESS AND MECHANICAL BEHAVIOR 
PROBLEMS IN MICROELECTRONIC 

AND M A G N E T I C  T H I N  F I L M  M A T E R I A L S  

As noted in the Introduction, the mechanical proper- 
ties of  thin films have become important in recent years 
because of the extensive use of  these materials in inte- 
grated circuits and magnetic disks. In this part of  the 
paper, we cite some of the mechanical behavior prob- 
lems that arise in these applications. 

A. Microelectronic Integrated Circuit Materials 

In this section of the paper, we examine some of the 
stress and mechanical behavior problems that arise in in- 
tegrated circuit structures, such as the complementary 
metal-oxide semiconductor (CMOS) transistor. 

1. CMOS transistor materials 
Figure 1 shows a schematic picture of the thin film 

materials and geometries that are used in CMOS tran- 
sistor devices. The materials are in thin film form, with 
thicknesses ranging from a few nanometers to about a 
micrometer. The complex shapes in these structures are 
also illustrated. It should be noted that a wide variety of  

materials with very different physical, thermal, and me- 
chanical properties are used to create this structure. The 
materials include semiconductors (which comprise the 
active part of  the device), metals (which serve as con- 
ductors to carry current from one part of  the structure to 
another), thermally grown SiO2, passivation glasses, and 
other dielectric materials. These latter materials ensure 
electrical isolation of one part of  the structure from an- 
other and in some cases, provide mechanical protection 
for the underlying, electrically active materials. Note that 
single crystals and polycrystalline and amorphous phase 
materials are present. 

2. Stresses in integrated circuit structures 
Typically, CMOS structures are made by growing or 

depositing the various thin films onto a substrate of  
single-crystal silicon (a silicon wafer). Because many of 
these processes occur at elevated temperatures and be- 
cause some of  the materials have differing thermal ex- 
pansion coefficients, it follows that very large thermal 
stresses are induced in these materials during manufac- 
ture and remain there during the subsequent use of the 
devices. Thermal stresses of the order of  0.5 GPa are 
not uncommon. Additional stresses are produced by 
nonequilibrium growth processes. Most of  the growth 
and deposition processes take place far from thermo- 
dynamic equilibrium, with the consequence that highly 
nonequilibrium microstructures are created. These non- 
equilibrium microstructures lead to additional stresses 
caused by the tendency of the film to shrink or expand 
once it has been deposited onto its substrate. These are 
sometimes called "intrinsic stresses" in the literature. It 
is preferable to avoid the implication that bodies can sub- 
ject themselves to uniform internal stresses and to use 
the term "growth stresses" instead. Because some of the 
interfaces are either fully or partially coherent, coher- 
ency stresses may also be present in these thin film 
structures. 

3. Integrated circuit failure processes 
For all of  the reasons described above, extremely high 

stresses are commonly present in integrated circuit struc- 
tures. It follows that these high stresses cause defor- 
mation and, sometimes, fracture to occur in these 
materials. It is important to understand the mechanisms 
that control the mechanical properties of  these materials 
so that integrated circuit structures can be designed for 
mechanical reliability as well as for electronic device 
performance. 

Even elastic deformation of the thin films in integrated 
circuit structures can represent a kind of failure. The di- 
mensional tolerances associated with the manufacture of  
these structures must be very small in order to achieve 
the small feature sizes needed for high density memory.  
The patterning of these features must be very precise. 
Very large thin film stresses can change the dimensions 
of the silicon wafer during processing, making this high 
dimensional accuracy difficult to achieve. This would be 
particularly troublesome if the stresses and distortions 
were not predictable. 

a. Passivation and interconnect failures 
When plastic deformation occurs in interconnect 

metals, a variety of  unwanted effects can occur. Two of 
these, shown schematically in Figure 2, illustrate that 
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Fig. 1--Cross-sect ional  structure of a CMOS transistor. The small dimensions of  these films and the wide variety of  materials involved should 
be noted. High stresses are present in these films as a result of  differences of  thermal expansion and of nonequilibrium growth and deposition. 

inhomogeneous deformation can cause fracture of the 
passivation to occur, either by dislocation slip or by 
grain-boundary sliding. This fracture, in turn, can cause 
electrical shorts to occur in the circuit if two metalliza- 
tion layers are allowed to come into contact, or it may 
lead to some form of delayed failure of the interconnect 
metal. Such delayed failures might involve either cor- 
rosion of the interconnect metal or electromigration (a 
process of diffusional transport of matter in the inter- 
connect line caused by a very high current density). 

One of the purposes of the passivation glass is to 
constrain the underlying metal layer from deforming by 
diffusional processes. A crack in the passivation re- 

PASSIVATION CRACKING 
, , , ~  Passivation Film 

~ N ~  Metal Film 

HILLOCK FORMATION 

Fig. 2 - - M ec ha n i sm s  of  inhomogeneous deformation in thin films 
leading to cracking of  the associated passivation film. Dislocation 
pileups can cause passivation cracking, and grain-boundary sliding 
can cause hillock formation. Cracking of  the passivation film can lead 
to other failure mechanisms. 

moves the constraint at that location and can allow a net 
flux of interconnect material to flow to that area, leaving 
a material deficiency elsewhere in the interconnect line. 
This has two negative consequences. First, the point of 
material deficiency usually contains voids or cracks that 
can lead to premature failure of the interconnect. Sec- 
ond, the protrusion of the interconnect material through 
the crack in the passivation can cause shorts to develop 
between one metal layer and another. All of these failure 
processes are initiated by inhomogeneous plastic defor- 
mation in the interconnect metal. Needless to say, it is 
important to understand these deformation processes so 
that more failure-resistant microstructtures can be designed. 

b. Substrate failures 
The thin film stresses represent forces that must be 

balanced by stresses in the substrate. Because the sub- 
strates are usually extremely thick compared to the fdms, 
the stresses in the substrate are usually quite small and 
often negligible. However, this is not always the case. 
In some cases, the compressive stresses in dielectric films 
can be so great that the corresponding tensile stresses in 
the uppermost layer of the substrate can cause disloca- 
tions to be nucleated there. Even cracking of the sub- 
strate can occur, especially if notches are present in the 
structure. Figure 3 illustrates the conditions that can lead 
to substrate cracking. Here, the passivation material is 
in a state of biaxial compression, which causes bending 
of the substrate to occur. These bending stresses in the 
substrate are tensile just beneath the passivation film. 
The stresses at the notch in the substrate can be suffi- 
ciently high either to nucleate dislocations there or per- 
haps to initiate fracture. The compressive passivation in 
the notch itself also serves to create a high tensile stress 
in the substrate, and this further increases the likelihood 
of crack initiation. The high aspect ratio trench struc- 
tures that are now being used in some devices are ex- 
amples of structures that might be susceptible to this kind 
of mechanical failure. 
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Fig. 3 - -Subs t ra te  cracking caused by stresses in a passivation film; 
the stresses in the substrate are concentrated at notches. 

B. Magnetic Disk Materials 

Magnetic hard disks are also composed of thin film 
structures, and, thus, the mechanical properties of  the 
films involved are of  technological importance. Here we 
describe the materials that are used in these applications 
and the mechanical forces that can lead to failures. 

Two different approaches to hard disk construction are 
shown in Figure 4. The differences relate primarily to 
the form of the magnetic media used in the device. In 
the older, more mature technology, the magnetic media 
consists of  fine magnetic particles dispersed in a resin 
matrix, whereas in the newer technologies, the magnetic 
material is in the form of a thin magnetic film. However,  
the basic operation of the disk is the same. In both cases, 
the disk is rotated at a high speed (with surface velocities 
as high as 50 mph!), while the head "flies" aerodynam- 
ically just above the surface of the disk (within 2000 
in the case of thin film media) and "writes" or "reads" 
information on the disk. The head "writes" information 
by magnetizing or demagnetizing a small portion of the 
magnetic material on the disk. It also "reads" the infor- 
mation by sensing the magnetic field of the magnetized 
portion. 

The dimensions of  the materials involved, the differ- 
ences in their physical properties, and the nonequilib- 
rium processes used to fabricate hard disk structures can 
all lead to stress and mechanical behavior problems that 
are similar to those that arise in integrated circuit struc- 
tures. However,  the presence of  the head, which flies at 
such a high relative velocity so close to the disk, intro- 
duces completely new problems in these d e v i c e s - - t h e  
problems of friction and wear. Frequent collisions be- 

Fine Particle Media (I NI I $ I) Magnetic Head / Lubricant 
- - :  .... -0.3p.m ~ ~ ~ . . . . . . ~ � 9  

~ / . - , ' / / / / / / , ' / / / / z  50 100 A3um3numDisk/~/ - - mph 

\ Alumina Particle \ y Iron Oxide 

Thin Film Media (I N $ I) Magnetic Head I I t Carbon Coating 
-0.3 p.m i/ (25 nm) 

-x Co-Cr Magnetic Thin Film 
15p_m Amorphous Nickel-Phosphorus (40 nm) ~5~- 100 mph 

///I///////////~/ 
Ainmmum Disk 

Fig. 4--I l lus t ra t ion of magnetic head-disk interactions. Two types of 
magnetic media are shown: fine particle media and thin film media. 
The head "flies" aerodynamically very close to the disk at a very high 
velocity. Collisions between the head and disk occur frequently. 

tween the head and the disk cannot be avoided. The 
magnetic films must be able to withstand this kind of 
abrasion without losing any of the information stored 
there. The head also makes a crash landing on the disk 
each time the device is turned off  and a sliding takeoff 
when the disk is turned on once again. These events also 
produce friction and wear that may eventually lead to 
failure. 

The purpose of some of the microstructural features 
in hard disk materials is to provide resistance to friction 
and wear. The carbon coating on the top of the film is 
a hard surface with a low coefficient of  friction. This 
permits the head to slide on the surface of the disk with- 
out producing mechanical damage. The particles of A1203 
in the fine particle media also provide mechanical du- 
rability. During takeoff, landing, and collision events, 
the head slides on the tops of the particles rather than 
gouging into the softer matrix containing the magnetic 
particles. The mechanical properties of  all of these sub- 
micron features are crucial to the successful performance 
of these devices. Needless to say, the measurement and 
understanding of the mechanical properties of these ma- 
terials is of great importance. 

IV.  BASIC C O N C E P T S  AND 
E Q U A T I O N S  R E L A T I N G  T O  STRESSES 

IN T H I N  FILMS ON SUBSTRATES 

Because much of this paper relates to processes that 
are driven by the stresses that are present in thin films 
on substrates, it is important to have a clear understand- 
ing of the stress analysis of the thin film/substrate prob- 
lem. In this section of the paper, we give an elementary 
treatment of  this problem and show how to calculate the 
stresses in various circumstances and how these stresses 
lead to elastic bending of the substrate. In Section VI of 
the paper, we make use of these relations to show how 
the stress in the film can be determined from a mea- 
surement of the substrate curvature. We present this 
analysis for those readers who have not studied the basic 
aspects of  this problem. More detailed and in-depth 
treatments can be found in the literature, tl,2,31 

A. The Mechanics o f  Stresses in Thin Films 
on Substrates 

We start by considering a fflm/substrate composite that 
is completely free of stress, as shown in Figure 5. We 
assume that the film is very thin compared to the sub- 
strate (thin film approximation), and we also assume that 
the lateral dimensions of the film and substrate are much 
greater than their total thickness. Because the film is 
under no stress, we can imagine removing it from the 
substrate and allowing it to stand in a stress-free state. 
In this state, the lateral dimensions of  the film will match 
exactly those of the substrate from which it was re- 
moved. If  the state of the film is never changed, it can 
always be reattached to the substrate without causing any 
stresses to be generated in either the film or substrate. 
However, if the dimensions of  the film change in any 
way, then elastic strains and stresses will develop when 
the film is reattached to the substrate. For the present 
analysis, we consider that the film experiences a uniform 
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Substrate 

Remove  Film from Substrate 

Allow Film Dimensions  to Change Relative to Substrate 

Apply Stress to Retum Film to Substrate Dimensions 

Reattach Film to Substrate and Remove External Forces 

Fig. 5 - - I l lus t ra t ion  of  the relationship between the biaxial stress in 
a thin film and the associated bending of  the substrate. 

volume change (dilatational transformation strain, e r )  in 
the detached state. This dilatational strain is measured 
relative to that of  the substrate. This is shown in the 
figure as a negative dilatation (a volume shrinkage). For 
a pure dilatational strain, the principal strain components 
are e ~ ( T )  = 6 y y ( T )  = e = ( T )  = e r / 3 .  There are many 
ways in which the volume of a film might change rel- 
ative to the substrate. For example, if  the film and sub- 
strate have different thermal expansion coefficients, a 
change in temperature will produce the relative volume 
change discussed here. In addition, the annihilations of  
excess vacancies, dislocations, and grain boundaries are 
processes that lead to volume changes due to densifi- 
cation. Also, phase transformations and composition 
changes can produce dilatational strains in the film. For 
the case of  heteroepitaxial films, a natural misfit exists 
between the film and the substrate in their stress-free state. 

We now consider the process of  reattaching the film 
to the substrate. Because the lateral dimensions of the 
film no longer match those of the substrate, a biaxial 
stress must be imposed on the film to elastically deform 
it so that it again fits the dimensions of  the substrate. 
The stress required to do this produces elastic strains, exx 
and eyy, that compensate exactly these components of the 
transformation strain. Thus, 

e T  

e • exx  = eyy --  3 [1] 

Using Hooke 's  law, this leads to a biaxial stress in the 
film: 

tr  = trig = tryy = M e  [2] 

where M is the biaxial elastic modulus of  the film. For 
isotropic elasticity, the biaxial modulus of  the film is 
simply 

E 
M - [3] 

1 - - v  

where E is Young's  modulus and v is Poisson's ratio. 
In Figure 5, we note that the tensile forces needed to 

deform the film to match the dimensions of  the substrate 
produce a biaxial stress state in the film. As long as these 
forces are present, the stress in the film does not change 
when it is reattached to the substrate. We now consider 
the changes that occur when these edge forces are re- 
moved after the film is again perfectly bonded to the 
substrate. A principle of  superposition can be used to 
understand what happens when the edge forces are re- 
moved. We remove the forces at the edges by super- 
imposing forces of  opposite signs on the edges of  the 
film. These additional forces remove the normal trac- 
tions from the edges of  the film, and they produce shear 
stresses on the film/substrate interface near the edges of  
the film. These shear stresses provide the forces needed 
to maintain the biaxial stress in the film. These forces 
also cause the substrate to bend elastically, as discussed 
below. 

B .  S i n g l e - C r y s t a l  T h i n  F i l m s  

For the case of single-crystal films or for polycrystal- 
line films with strong crystallographic texture, the an- 
isotropy of the elastic properties must be taken into 
account. Here we give some results for cubic single-crystal 
films. For a film in which the (001) cube plane lies par- 
allel to the plane of the film, the biaxial elastic modulus 
is isotropic in the plane of the film and is given by 

2C~2 
M (001) = Cll + Cl2 -- - -  [4] 

C l l  

where Cll and Cl2 are components of the stiffness 
matrix. We note that neither Young's  modulus nor 
Poisson's ratio alone are isotropic in the (001) plane, but 
the ratio E l ( 1  - v) which forms the biaxial modulus is 
isotropic in that plane. A single-crystal film with a (111) 
plane lying in the plane of  the film is fully isotropic in 
that plane. In this case, the biaxial modulus is 

6C44(Ci1  + 2C12)  
M (111) -- [5] 

Cll "~ 2C12 + 4C44 

For a single-crystal film with a (011) plane parallel to 
the plane of the film, the elastic properties are not iso- 
tropic in the plane of the film. The elastic moduli in the 
mutually perpendicular [100] and [011] directions are 
different. If  such a film is subjected to in-plane stresses 
such that the result is an equal biaxial strain, e = e~x = 
eyv, the stresses in the two directions can be computed 
using the following moduli: 

' C 1 2 ( C l l  -I- 3C12 - 2C44)  
M [100] = Cll + Cl2 -- [6] 

(Cll  -t- C12 "~ 2C44) 
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M [01i] = 
(2CH + 6C12 + 4C44) 

4 

(2CI1 + 2C12 -- 4C44) (CII + 3C12 - 2C44)  

(Cl l  + C12 + 2C44) 

[7] 

C. Substrate Bending and Substrate Stresses 

The edge forces exerted on the substrate by the biaxial 
stress in the film cause the substrate to deform elastically 
in biaxial bending. The amount of bending depends on 
the thickness and biaxial elastic modulus of the sub- 
strate. I f  the biaxial elastic modulus is isotropic in the 
plane of the substrate, as it is for (001) and (111) sub- 
strates of  cubic materials (e.g., silicon), then the fi lm/ 
substrate composite adopts the shape of a spherical shell 
when it deforms. A simple biaxial bending analysis shows 
that the curvature, K, and radius of  curvature, R = K -l ,  
are given by 

1 1 6o-lh I 
K = - [81 

R Ms h 2 

where Ms = (E/1 - v)s is the biaxial elastic modulus of  
the substrate, o- I is the biaxial tensile stress in the film, 
h I is the thickness of  the film, and hs is the thickness of  
the substrate. The edge force per unit length is repre- 
sented by o-shy in this expression. We note that this re- 
lation can be inverted to give the stress in the film as a 
function of the substrate curvature caused by that stress, 
as shown by 

o s = M s -  [9] 
6hsR 

For single-crystal substrates, the biaxial elastic modulus, 
Ms, must be computed from the components of  the stiff- 
ness matrix for that crystal. The modulus Ms is given by 
Eqs. [4] and [5] for (001) and (111) substrates, respec- 
tively. When the (011) plane is parallel to the plane of 
the substrate (or for noncubic substrates), the substrate 
is not elastically isotropic in that plane and does not bend 
symmetrically. 

It should be noted that Eq. [8] for the elastic bending 
of the substrate does not depend on the elastic properties 
or any other mechanical properties of the film. The rea- 
son for this relates to the thin film approximation that is 
made in the derivation of this result. Typically, films 
about 1-/xm thick are deposited onto substrates t ha tmay  
be 500 to 1000 times thicker. In such cases, the flexural 
modulus of  the thin film/substrate composite is com- 
pletely dominated by the properties of  the substrate. The 
properties of the film have a negligible effect on the 
bending. It follows that when multiple thin films are de- 
posited sequentially onto a much thicker substrate, each 
film causes a fixed amount of  bending to occur, irre- 
spective of the order in which the films are deposited. 
The amount of  curvature change is determined by the 
stress and thickness of  each film. The total change of 
substrate curvature is simply the sum of the curvature 

changes associated with the presence of each film. Of 
course, the sign of  the curvature change caused by each 
film must be taken into account. For cases in which the 
films are not thin compared to the substrate, a more elab- 
orate bending analysis must be used that takes account 
of the elastic properties of the films. TM 

It is commonly believed that the stresses in a thin film 
of uniform thickness can cause significant stresses to de- 
velop in the underlying films and in the substrate. Spe- 
cifically, it is widely assumed that depositing a thin film 
of a passivation material like S i 3 N  4 which typically is in 
a state of high biaxial compressive stress will cause cor- 
respondingly large biaxial tensile stresses to develop in 
the substrate and in underlying thin films. A simple 
bending analysis using the thin film approximation shows 
that this is not true. Although the compressive stress in 
the passivation film is compensated by tensile stresses 
in the underlying layers, these tensile stresses are usually 
extremely small and can often be ignored. Typically, the 
maximum tensile stress induced in the underlying layers, 
Crinduced, by the compressive stress in the passivation film, 
{T O . . . . .  is given by 

3hp 
O'induce d -- O'p .... [10] 

hs 

This formula is obtained by balancing the force per unit 
length in the passivation film, trpass.h p, with an opposing 
force per unit length and moment per unit length in the 
substrate. For the typical dimensions of  h e = 1 /xm and 
hs = 500/xm, this shows that the magnitude of the stress 
in the underlying layers is less than 1 pct of the com- 
pressive stress in the passivation. For patterned struc- 
tures, the interaction of stresses in different films can be 
significant and must be taken into account. 

D. Sources of  Strain 

As discussed above, the stresses in thin films on sub- 
strates can be viewed as arising from the misfit that must 
be accommodated elastically when the film is attached 
to the substrate. 

1. Thermal strains 
There are various types of strains that can develop. 

For thermal mismatch problems, the elastic strain needed 
to fit the film to the substrate is 

e = - ( a : -  as) ( T -  To) = - -AaAT [11] 

where as and a,  are the linear thermal expansion coef- 
ficients of the film and substrate, respectively, T is the 
current temperature, and To is the initial temperature at 
which the film and substrate were in a stress-free state. 
A typical case is one in which a metal film is deposited 
onto silicon in a stress-free state at high temperatures and 
subsequently cooled to room temperature. In such cases, 
as > a, and T < To so that the elastic accommodation 
strain is positive and tensile stresses are developed in the 
film. 

2. Growth strains 
As discussed earlier, if the density of  the film changes 

after it has been bonded to the substrate, an "intrinsic" 
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or growth stress develops in the film. In this case, the 
elastic accommodation strain is given by 

eT 
e = - - -  [12] 

3 

where er is the dilatational "transformation" strain as- 
sociated with the change in density. A film that densities 
when it is attached to the substrate must be subjected to 
biaxial tensile strain (and corresponding tensile stress) to 
match the dimensions of  the substrate. 

3. Epi taxial  strains 
For epitaxial films on thick substrates, the elastic ac- 

commodation strain is simply 

Aa as - af as - ay 
e . . . . .  [131 

a af a, 

where a /and  as are the lattice parameters of  the film and 
substrate, respectively. Here, all of  the elastic accom- 
modation is assumed to take place in the film because 
the substrate, being so much thicker than the film, is 
essentially rigid. 

V. F O R M A T I O N  OF M I S F I T  
D I S L O C A T I O N S  IN E P I T A X I A L  T H I N  F I L M S  

We begin our study of mechanical properties of thin 
films on substrates by considering the formation of 
misfit dislocations in epitaxial thin films on single- 
crystal substrates. This problem is important in its own 
right because of the technological interest in forming 
dislocation-free epitaxial thin films or single-crystal sub- 
strates. It is also important because it provides a basis 
for understanding the dislocation processes responsible 
for plastic deformation of thin films on nondeformable 
substrates. 

There is a great amount of interest in growing semi- 
conductor thin films on dislocation-free substrates using 
heteroepitaxy. The basic idea of this technology is that 
semiconductors that are difficult to grow as bulk crystals 
might be grown by forming heteroepitaxial layers on 
dislocation-free single-crystal substrates. Of  course, any 
lattice mismatch between the film and the substrate must 
be accommodated by a uniform strain in the film (to- 
gether with slight bending of the substrate), and this typ- 
ically leads to very large biaxial stresses in the film. 
Intuitively, one might expect these large stresses to be 
relaxed by plastic flow in the film (through dislocation 
nucleation and motion), regardless of  the film thickness. 
But this cannot occur in very thin films because the ener- 
gies of  the dislocations created by such relaxation pro- 
cesses are greater than the recovery of  strain energy 
associated with the relaxation. Thus, there is a critical 
film thickness, he, below which the film is stable with 
respect to dislocation formation. Below that critical 
thickness, misfit dislocations cannot and do not form in 
heteroepitaxial structures. 

A.  Equi l ibr ium Theory 

The equilibrium theory of misfit dislocation forma- 
tion was developed by van der Merwe, t41 Matthews and 
Blakeslee, f5,61 and Matthews I71 and is now well estab- 

lished. Figure 6 illustrates the essential features of  the 
theory. As shown in the figure, the energy (per unit film 
area) of  a very thin film is lowest when no dislocations 
are present. Such films are perfectly coherent with the 
substrate in their equilibrium state and have an energy 
(per unit area) given by 

Ehomog . . . . . .  = M h e  2 (h < he) [14] 

where M is the biaxial elastic modulus of  the film, h is 
the film thickness, and e is the biaxial elastic strain that 
must be imposed on the film to bring the lattice of  the 
film into coincidence with that of  the substrate. We note 
that M e  is the biaxial stress in the film. The fact that the 
equilibrium state for a very thin film is dislocation-free 
can be shown by considering a slightly thicker film that 
contains misfit dislocations. The introduction of misfit 
dislocations partially accommodates the lattice misfit be- 
tween the film and substrate, and this allows the uniform 
strain in the film (and its associated energy) to be re- 
duced. When dislocations with Burgers vectors, b, and 
spacing, S, are formed, the remaining homogeneous strain 
in the film is (e - b / S ) ,  and the corresponding strain 
energy is reduced accordingly. While the strain energy 
associated with the homogeneous strain decreases as misfit 
dislocations are introduced, the energies of  those dislo- 
cations increase the energy of the system. The disloca- 
tion energy (per unit area) is expressed approximately as 

- In [151 Edisl~176 417"(1 - v) S 

where/~ is the shear modulus of thin film and substrate 
(here assumed to be the same), l, is Poisson's ratio, and 

I I I I [ I I [ I [ I I afilm 

IIIIIF [ [[]] suUs a  

Coherent Film ~ 1  

[riii r[iiiiiiiiiii E' 
E = Mhe 2 S 

Film with Misfit Dislocations I ~ 
I'- s .-q, 

llllllllllll  

b___~ a 
S 

E = Mh(a_ sU_)2 b2 2 ln( ) 
+ 2rt(l-v) S 

Fig. 6--Illustration of the Matthews and Blakeslee 15,6,71 equilibrium 
theory of misfit dislocation formation. Below a critical film thickness, 
the equilibrium state of the film is dislocation-free. Dislocations form 
in thicker films to reduce the free energy of the system. 
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/3 is a numerical constant of  the order of unity. The fac- 
tor 2 / S  in this expression represents the misfit disloca- 
tion length per unit film area, while the remaining terms 
give the energy per unit length of each misfit dislocation. 
The dislocation energy depends logarithmically on the 
Fdm thicknesses because this dimension controls the outer 
cutoff radius for the elastic field of  the dislocations. The 
total energy of thin films containing misfit dislocations 
is then found by adding these two terms. The result is 

2 

E =  Mh - In [161 
+ 4~'(1 - ~,)S 

We note that the energy associated with the uniform s~ain 
(the first term in the right-hand side of Eq. [16]) varies 
linearly with the film thickness, h, while the energy as- 
sociated with the misfit dislocation varies only logarith- 
mically with film thickness. As a consequence, only above 
a critical thickness, h~, does the introduction of misfit 
dislocations lead to a decrease in the energy of the sys- 
tem. The equilibrium state of  the system can be deter- 
mined by finding the conditions for which the total energy 
(per unit area) reaches an absolute minimum with respect 
to the number of  misfit dislocations per unit length, 
1/S. This is obtained by setting the following derivative 
to zero: 

OE 2Mhb e - + 2~'(1 - ~,) In = 0 

[17] 

The critical film thickness is then found by solving this 
equation for the special case of  b /S  = 0: 

h~ ~b  
- -  - [ 1 8 ]  

l n (_~ 5  ) 47r(1 - v)Me 

For h > h~, the equilibrium state includes misfit dislo- 
cations, as shown in Figure 6, but for h < h~, the lowest 
energy is achieved when no misfit dislocations are pres- 
ent. Thus, there is a critical thickness below which fully 
coherent epitaxial films are thermodynamically stable. 

B. Comparison with Experiment 

Recent work on heteroepitaxial films of Si-Ge on Si 
suggests that these films remain dislocation-free at thick- 
nesses much greater than the critical thickness predicted 
by the equilibrium theory, t8,9,1~ This result is shown in 
Figure 7 for Si-Ge alloy films on Si substrates. Here, 
the data of  Bean et al. [91 are compared with predictions 
of the equilibrium theory. For films containing 20 pct 
Ge or less, the actual film thicknesses at which misfit 
dislocations are observed are an order of magnitude greater 
than the critical thicknesses predicted by the equilibrium 
theory. These results have also been found recently by 
Gronet, [lu as shown in Figure 8. Similar results have been 
reported by Tsao et al. [~~ for Ge-Si alloy films on Ge 
substrates. Some of their results are shown in Figure 9. 
Although there was some debate about the evidence for 
this discrepancy, [~2'131 it now seems likely that the results 
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Fig. 7--Critical fflrn thickness as a function of misfit strain for GexSil-x 
films on Si substrates. The strain in the film is determined by the 
composition. The experimental results of Bean e t  a l .  t9] are compared 
with Matthews and Blakeslee's equilibrium theory [5,6,71 

cited here are genuine and that the cause of the discrep- 
ancy is related to the kinetics of  nucleation, motion, and 
multiplication of dislocations in epitaxial semiconductor 
f i l m s .  []~ Below, we give a dislocation dynamics 
model for the formation of misfit dislocations in epitax- 
ial thin films. The model provides a mechanistic under- 
standing of misfit dislocation formation in terms of the 
kinetics of nucleation, motion, and multiplication of misfit 
dislocations. 

Following the work of Matthews and Blakeslee, t5,6,7] 
Freund [~7] has shown that the most powerful way to 
understand the formation of misfit dislocations in epi- 
taxial structures is to consider the energetics associated 
with the incremental extension of a misfit dislocation rather 
than considering the overall energy change associated with 
the formation of  a periodic array of misfit dislocations. 
Because this approach is based on the mechanisms of 
misfit dislocation formation,, it is easy to see how the 
kinetics of dislocation motion should be included in the 
analysis. 
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Fig. 8 - -Mis f i t  dislocation spacing in Si-Ge films on Si substrates as 
a function of film thickness during film growth. The predictions of 
the equilibrium theory D,6,7) are compared with measurements reported 
by Gronet. t~] The observed spacings are much greater than expected 
from the equilibrium theory. 
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Fig. 9 - -Cr i t i c a l  fi lm thickness as a function of misfit  strain (film 
composition) for Ge-rich films on Ge substrates, t~~ The composition 
(or strain) at which misfit dislocations are first observed is greater 
than predicted by the equilibrium theory.t5,6,7] 

C. Mechanisms of Misfit Dislocation Formation 

Following the work of Freund, t17] we envision a dis- 
location that extends from the free surface of a film to 
the film-substrate interface and deposits a misfit dislo- 
cation at the film/substrate interface as it moves. This is 
shown in Figure 10. In this figure and throughout this 
section, we consider the case of fcc crystals with the 
(001) orientation and focus our attention on the motion 
of dislocations on the octahedral, {111}, planes. For films 
of this orientation, the angles defining the {111} slip plane 
normal and the Burgers vector are 4) = cos -1 (1/X/-~) 
and A = cos-I (1/X/2), respectively. Much of the recent 
experimental data has been obtained for Si-Ge alloy films 
grown onto pure Si substrates. Lattice mismatch causes 
the fdms to be in a state of biaxial compression, as shown 
in the figure. 

1. Threading dislocations 
We may ask how the process shown in Figure 10 gets 

started. If dislocations are present in the substrate on which 
the film is growing, then they grow naturally into the 
epitaxial fdm and reach the free surface of the fdm. These 
are sometimes called "threading" dislocations. The pro- 
cess by which threading dislocations can begin to form 
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Fig. 11 - - B e n d i n g  of a threading dislocation in a strained film grow- 
ing on a substrate. Above a critical thickness, the strain in the film 
is sufficient to cause the dislocation in the film to move and create a 
misfit dislocation. 

misfit dislocations at the film/substrate interface is shown 
schematically in Figure 11. The biaxial stresses in the 
film exert forces on the threading dislocation and cause 
it to move in its slip plane. The portion of the dislocation 
that resides in the substrate remains stationary; the forces 
on it are much smaller and are of opposite signs. Thus, 
the threading dislocation in the film bends over as it moves 
and eventually leaves a misfit dislocation in its wake. 
Continued movement of the threading dislocation ex- 
tends the length of the misfit dislocation. 

Misfit dislocations are also formed in epitaxial films 
grown onto dislocation-free substrates. In such cases, 
threading dislocations are not available to produce the 
misfit dislocations. Although the process is not well 
understood, misfit dislocations must be created by some 
form of dislocation nucleation, most probably at defects 
at the free surface of the growing film. Figure 12 shows 
how the nucleation of a dislocation half-loop at the sur- 
face of the growing film eventually leads to the forma- 
tion of  a misfit dislocation at the film/substrate interface. 
The two ends of the half-loop move in opposite direc- 
tions and create additional misfit dislocation lengths as 
they move. 

2. Criterion for misfit dislocation formation 
Freund's model of misfit dislocation formation is based 

on the idea that the work done by the stress in the film 

~ ~  F i l m !  ~ 

Misfit a Substrate 
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Fig. 10- -Dis loca t ion  motion in a thin film on a substrate leading to 
the deposition of  a misfit dislocation at the interface between the film 
and the substrate. 

~ a 

'~ Substrate 

Fig. 12- -Dis loca t ion  nucleation at the surface of a strained film. The 
expanding half-loop eventually produces a misfit dislocation at the 
film-substrate interface. 
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when the dislocation moves a unit distance must provide 
enough energy to deposit a unit length of misfit dislo- 
cation. Following Freund, we call the work done by the 
stress in the film Wlayer and call the work required to form 
a unit length of dislocation Wdislocat io n .  For the dislocation 
geometry shown in Figure 10, we can show that Wlaye r  

is 

rbh cos A cos th trbh 
Wlayer = - -  o'bh - [ 19] 

sin ~b sin ~b 2 

For the fcc slip geometry under consideration, the 
Burgers vector makes an angle of 60 deg to the line of 
the misfit dislocation; thus, the misfit dislocation de- 
posited at the film/substrate interface is a 60 deg mixed 
dislocation, and Wdislocatio n must be found for that case. 
We use the results of Freund1171 and Barnett t~Sl for edge 
and screw dislocations, respectively, to construct the so- 
lution for a 60 deg dislocation. Freund has shown that 
the energy of an edge dislocation lying at the interface 
between a thin film and semi-infinite substrate can be 
expressed as 

b 2 2/zflXs In ( f leh]  [20] 
W e d g e  = 47r(1 - v) (/x i + /z,) \ be / 

where (following the form given by Matthews) /& and 
/z~ are the shear moduli of the film and the substrate, 
respectively, fie is a numerical constant equal to 0.701, 
and the other terms have their usual meaning. The re- 
sult for a screw dislocation was obtained recently by 
Barnett I~81 and takes the similar form 

b~ z 2/xfl~, In [211 
W ..... 47r (/~s + /x,) \ b , /  

where /3s = 1.0. We can obtain the result for a 60 deg 
mixed dislocation by noting that be = (V3 /2 )b  and 
b, = b / 2  and by adding the energies of the edge and 
screw components. After some rearrangement and using 
v = 0.3, we obtain 

b 2 2tzflz, 
Wr0degdislocatio n : 0 . 9 5  

47r(1 - z,) (~z~ + ~,) 

[221 

where/3 = 0.755. 
We may now continue to develop a model for misfit 

dislocation formation. The value of Wlayer  m u s t  be greater 
than W60degdis locat io  n in order for the dislocations in the film 
to move and deposit misfit dislocations. On the basis of 
this, we may define an effective stress for dislocation 
motion in terms of the work done by the stress in the 
film less the work required to deposit the misfit dislocation: 

h 
rcffb . = Wlaye r  - -  W60degdis locat io  n ' [23] 

sin ~b 

This net driving force is positive only at film thicknesses 
greater than the critical thickness. Indeed, the critical film 
thickness discussed above can be found by setting the 
right-hand side of this equation equal to zero. 

W l a y e r  ~ W60degdislocation 

hc b 2/xflz, 
- 1.9 ln(9) 47r(1 - z,)cr (/z I +/x , )  

[241 

where the biaxial stress, ~, has been used in place of 
the product of the biaxial modulus and misfit strain, 
tr = Me.  This result is a more exact form of Eq. [18] 
for this particular orientation. This relation may also be 
used to find the relaxed stress in a film containing an 
equilibrium number of misfit dislocations. For h > he, 
the result is 

1.9b 2/xl/xs l n [ f l h ~  
[25] 

~r - 47r( 1 - v)h (txl + Ixs) 

3. Kinetics o f  dislocation motion 
The kinetics of misfit dislocation formation can be 

predicted using the effective stress defined by Eq. [23] 
and the dislocation mobility. Haasen and Alexander c~91 
have measured dislocation mobilities in Si and Ge, and 
others have made similar measurements for other semi- 
conductors, tz~ According to these studies, the dislo- 
cation velocities in semiconductors can be expressed as 

v = B e x p  - [261 
\ T 0 /  

where %ff is the effective stress as defined above, and U 
is the activation energy for dislocation motion. Because 
the effective stress is zero at the critical thickness, the 
rates of dislocation motion and misfit dislocation for- 
mation are both zero at h = h,. The dislocations can 
move with finite velocities only in films that are greater 
than the critical thickness. 

Because each moving dislocation deposits a misfit dis- 
location as it moves, the overall rate of misfit dislocation 
formation can be found by multiplying the velocity by 
the number of moving dislocations per unit area. If  the 
misfit dislocation density, defined as the line length of 
misfit dislocations per unit area of film, is Pmi, it follows 
that the rate of  production of misfit dislocations can be 
expressed as 

dpmf 
- N v  [ 2 7 ]  

dt 

where N is the moving dislocation density. Thus, the rate 
of formation of misfit dislocations depends on the den- 
sity of mobile dislocations that are already there. If the 
substrate is dislocation free and no dislocations are nu- 
cleated in the epitaxial film during growth, then misfit 
dislocations cannot form. 

a. Constant threading dislocation density 
The simplest kinetic model is one in which a fixed 

number of threading dislocations is assumed to exist in 
the substrate prior to film growth. Such dislocations would 
extend into the growing film and would be subjected to 
the stresses there. As the film thickness increases, above 
the critical film thickness, these dislocations bend over 
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and begin to glide parallel to the film-substrate interface, 
creating misfit dislocations as they move. This process 
is shown in Figure 11. I f  the density of  threading dis- 
locations is constant (no multiplication of existing dis- 
locations or nucleation of new ones), the rate of  increase 
of misfit dislocation line length is governed entirely by 
the dislocation velocity. If  we define the average spacing 
between misfit dislocations, S, as 

2 
S = - -  [281 

Pmf 

then the spacing between misfit dislocations will de- 
crease continuously during the course of  growth once the 
critical fdrn thickness has been exceeded. Figure 13 shows 
how the misfit dislocation spacing in epitaxial films of 
Si + 0.2Ge on Si is expected to change during film 
growth. Various constant mobile dislocation densities were 
assumed in the calculations. The film was assumed to 
be growing at a rate of 5 nm/min  at a temperature of  
625 ~ and the velocities of  the dislocations were cal- 
culated using Eq. [26] with U = 2.2 eV, ~'0 = 9.8 MPa, 
and B = 7.33 x 104 m/s .  The curve indicating the larg- 
est misfit spacings corresponds to the lowest mobile dis- 
location density. The lowest curve corresponds to the 
equilibrium spacing between misfit dislocations. For all 
curves, the misfit spacings tend toward infinity at a film 
thickness of  about 13.5 nm. This corresponds to the crit- 
ical film thickness for this system. One notes that the 
curve corresponding to the largest dislocation density co- 
incides with the equilibrium theory at large film thick- 
nesses, as expected. 

b. Multiplication o f  dislocations 
The above treatment is unrealistic because it does not 

allow for either dislocation multiplication or nucleation 
of new dislocations in the course of  growth. Several 
mechanisms of dislocation multiplication can be envi- 
sioned. One of these, suggested first by Hagen and 
Strunk, ~221 has been directly observed by Rajan and 
Denhoff t231 using weak-beam transmission electron mi- 
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croscopy (TEM) techniques. According to this mecha- 
nism, two crossing misfit dislocations with the same 
Burgers vectors of the kind shown in Figure 14 can an- 
nihilate locally and produce two new mobile disloca- 
tions, which can then glide and produce additional lengths 
of  misfit dislocation. This is but one of many mecha- 
nisms that are possible. All such mechanisms, however, 
can be described using the concept of a breeding factor. 
We define the breeding factor, 6, as the number of  new 
dislocations produced per unit length of glide motion by 
each moving dislocation. Then the multiplication of dis- 
locations can be described by 

dN 
- -  = N t v  [29] 
dt 

The effect of dislocation multiplication on the misfit dis- 
location spacing during the course of film growth is shown 
in Figure 15. Here we have assumed a very low initial 
dislocation density o f N  = 0.1 cm -2 and have considered 
constant breeding factors of  5, 10, and 20 dislocations/ 
mm. We note that although some dislocation motion oc- 
curs as soon as the critical film thickness is exceeded, 
the misfit dislocation spacing remains very large until 
the film has reached a thickness of about 100 nm. The 
predictions are in qualitative agreement with the results 
of Gronet uu shown in Figure 8. 

According to the Hagen-Strunk multiplication mech- 
anism discussed above, the breeding factor should be 
proportional to the number of  Hagen-Strunk (HS) type 
intersections produced per unit length of dislocation travel. 
This may be expressed as 

PHS 
t~s = - -  [30] 

2S 

where S is the current spacing between misfit disloca- 
tions and PHS is breeding efficiency, or the probability 
that any particular Hagen-Strunk intersection actually re- 
suits in a new pair of  moving dislocations. The effect of 
this kind of multiplication on the spacing of misfit dis- 
locations is shown in Figure 16. Here we consider the 
case of  a film with an initial dislocation density of  No = 

Hagen - Strunk Reaction 

tJ : 

Fig.  1 4 - - I l l u s t r a t i o n  of  the Hagen-S t runk  t22j m e c h a n i s m  of  d is loca-  
t ion mul t ip l ica t ion .  Cross ing  d is loca t ions  wi th  the same Burgers  vec- 
tors can  react  to form two new mob i l e  d is locat ions  as shown.  
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Fig. 15- -Misf i t  dislocation spacing as a function of film thickness 
during growth of a Si + 0.2Ge film on a Si substrate under the con- 
ditions shown. Calculations are shown for three different rates of dis- 
location multiplication. The predictions of the equilibrium theory are 
also shown. 

1000 cm -2. We show the effect of Hagen-Strunk mul- 
tiplication by calculating the evolution of the misfit dis- 
location spacing for various breeding efficiencies. The 
calculation involves coupling Eq. [27] with Eq. [28] and 
using Eqs. [29] and [30] to describe the multiplication 
process. We see, as expected, that multiplication can have 
a profound effect on the evolution of the misfit dislo- 
cation spacing. Generally, increasing the breeding factor 
causes the misfit dislocations to form more abruptly dur- 
ing film growth. Indeed, the curves of Figures 15 and 
16 give the impression that the critical thickness for mis- 
fit dislocation formation is much greater than the true 
critical thickness of 13.5 nm. This helps to explain why 
misfit dislocations are often not observed in films that 
have been grown well beyond the critical thickness. 

c. Nucleation o f  dislocation half-loops 
New dislocations can also be formed by nucleation in 

the growing film, perhaps at the growing surface. Such 
nucleation must occur in those cases where misfit dis- 
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Fig. 16--Misfit dislocation spacing as a function of film thickness 
during growth of a Si + 0.2Ge film on a Si substrate under the con- 
ditions shown. Calculations are shown for the Hagen-Strunk multi- 
plication mechanism with three different efficiencies. The predictions 
of the equilibrium theory are also shown. 
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shown. 

locations are formed in epitaxial films grown on 
dislocation-free substrates. For the present analysis, we 
let (dN/dt)o represent the rate of nucleation of new dis- 
locations. Then the total rate of  formation of new dis- 
locations can be expressed as 

- -  = + N6v  [311 
dt o 

When new moving dislocations are formed in the course 
of growth, the rate of formation of misfit dislocations is 
described by coupling Eq. [31] with Eq. [27]. The effect 
of dislocation nucleation on the evolution of the misfit 
dislocation spacing is shown in Figure 17 for various rates 
of nucleation. We see that increasing the rate of nucle- 
ation causes the misfit dislocation spacing to approach 
the equilibrium spacing more quickly. Nucleation of dis- 
locations during the course of film growth makes the misfit 
dislocations form even more abruptly than when only 
multiplication effects are included in the analysis. 

Note that stress relaxation during the course of film 
growth has been taken into account in all of the above 
calculations. The creation of misfit dislocations is equiv- 
alent to plastic deformation in the film and relieves the 
elastic strain and stress in the film. The corresponding 
evolution of the stress is described by 

do" M N b  
- - -  v [321 

dt 2 

where M is the biaxial elastic modulus of the film. 

V I .  B I A X I A L  S T R E N G T H S  
O F  T H I N  F I L M S  O N  S U B S T R A T E S  

We now turn our attention to the strengths of thin films 
on substrates. We will see that the basic processes of 
misfit dislocation formation discussed above can also be 
used to understand plastic deformation of thin films on 
substrates. In addition, the relations we have developed 
for misfit dislocations can be used to describe the high 
strengths of these thin film materials. 
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Yielding and plastic flow in a thin film are, of course, 
driven by the stresses present in the film. Thus, any ex- 
perimental study of  biaxial strength must start with a 
measurement of  the stress in the film. As in the case of 
bulk materials, the onset of plastic flow, or yielding, oc- 
curs when increments in the stress lead to nonelastic strain 
increments in the film. First, however, we must address 
the problem of measuring stress in the film. 

A. Techniques for  Measuring Thin Film Stresses 

The experimental techniques for measuring stresses in 
thin films on substrates fall into two general classes: (1) 
those based on direct measurements of  the elastic strains 
in the films using X-rays and (2) those based on the as- 
sociated curvature or deflection of the substrate. The di- 
rect X-ray techniques are most informative because they 
permit a measurement of all of  the components of  stress 
in the film. They can, in principle, be used to detect 
spatial variations of  stress within the film, either from 
grain to grain or from one point in the film to another. 
They can also be used to find the stresses in patterned 
films with irregular geometries. However,  because these 
techniques are based on diffraction, they are limited to 
crystalline films; they cannot be used to find the stresses 
in noncrystalline materials, such as passivation glasses 
or amorphous oxides. For these cases, the stresses must 
be determined by measuring the curvature or deflection 
of the substrate. Even for crystalline films, the substrate 
curvature technique is often preferable because it is more 
convenient to use and easier to apply to special condi- 
tions. Such conditions include in situ heating or cooling 
or stress measurements during the course of  film growth. 

We saw in Section IV that the biaxial stress in a thin 
film on a much thicker substrate is directly proportional 
to the associated curvature of  the substrate, provided the 
substrate deforms elastically. For the usual case of a sub- 
strate that is elastically isotropic in the plane of the film, 
the expression for the biaxial stress in the film is 

h 2 ~ _  " " K  hs 1 
o I = Ms 6hi = Ms 6hfR [331 

where K = 1/R is the curvature of  the substrate, Ms is 
the biaxial modulus of  the substrate, and h I and hs are 
the thicknesses of  the film and substrate, respectively. 
We see that the film stress does not depend on the prop- 
erties or behavior of  the film. This relation is valid for 
both elastic and plastic deformation in the film. In most 
cases, the bare substrate is not perfectly flat so that the 
curvature, K, in Eq. [33] must be replaced by the change 
in curvature associated with the presence of the film. 
Thus, the stress in a film is found by measuring the cur- 
vature of the substrate both before and after the film is 
deposited or, equivalently, before and after the film is 
removed from the substrate. 

1. X-ray diffraction 
A variety of  techniques can be used to measure the 

curvature changes associated with thin film stresses. For 
the case of single-crystal substrates, the curvature of the 
substrate produces a curvature of  the crystal lattice that 
can be detected by X-ray diffraction. An advantage of 
this technique is that for a single film, the technique is 

absolute. In such a case, it is not necessary to measure 
the curvature before the film is deposited or after the 
film is removed from the substrate, because it is known 
that for most good substrates, such as silicon, the crystal 
lattice would have no curvature in either case. 

2. Optical interferometry 
Optical interferometry represents another method for 

measuring changes in substrate curvature. A simple count 
of  interference fringes permits a determination of the 
curvature. This technique is preferable if a more general 
measurement facility is not available and if the induced 
curvature is quite large. The principle of interferometry 
could be used to create a rapid, quantitative stress mea- 
suring technique comparable with the laser scanning 
technique described below, but, as yet, such instruments 
are not available. 

3. Laser scanning 
The laser scanning technique is the most popular tech- 

nique for measuring curvature changes associated with 
thin film stresses. The principle of the technique is quite 
simple. A beam of laser light reflects off the surface of 
a curved substrate at an angle 0 that depends on the ori- 
entation of the surface. Upon moving (or scanning) the 
laser beam to a new position, the light reflects at a dif- 
ferent angle if the substrate is curved. A position-sensitive 
photodetector can be used to detect the change in angle 
of  the reflected laser beam. Flinn et al.I24j have recently 
developed a laser scanning device that makes use of  a 
rotating mirror to scan the laser beam over the substrate. 
A schematic diagram of their instrument is shown in 
Figure 18. A lens is used to cause the rotating laser beam 
to be perpendicular to the substrate at all points in the 
scan, and the same lens causes the reflected beams to 
converge to one point on the position-sensitive photo- 
detector if the substrate is perfectly fiat. When the sub- 
strate is curved, the reflected beam moves to different 
positions on the photodetector as the laser beam is scanned 
across the substrate. The linear motion detected by the 
photodetector can be converted to changes in angle as a 
function of position on the substrate, and this, in turn, 
can be used to find the curvature of the substrate. 

The laser scanning device is very sensitive and is ca- 
pable of  detecting the bending of a flat wafer to a radius 
of  about 10 km. For typical film dimensions, this cor- 
responds to a film stress of  about 0.2 MPa. This sensi- 
tivity is required because the film, being so much thinner 
than the substrate, bends the substrate only very slightly. 
As noted above, bare substrates are usually not perfectly 
flat. They often take the form of a potato chip, although 
typical substrates are, of  course, much flatter than potato 
chips. For such a shape, the curvature varies from point 
to point on the substrate and depends on the path of  the 
scan. The shape of the substrate along a particular laser 
scan path must be found before the film is deposited or 
after the film is removed in order to obtain the change 
in curvature associated with the presence of the film. 
Even though the curvature of  a substrate is not constant 
with position along the scan, the change in curvature as- 
sociated with the film is often quite constant, provided 
that the thickness of the film is constant and the depo- 
sition conditions are the same at all points on the sub- 
strate. In such cases, the subtraction technique described 
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Fig.  1 8 - - S c h e m a t i c  d i ag ram of  a laser  scanning  ins t rument  used to measure  substrate  curvature  and assoc ia ted  f i lm stress. [24] 

above gives a single value for the change in curvature, 
and this, in turn, leads to a single value for the average 
biaxial stress in the film. 

Throughout this discussion, we have assumed that the 
biaxial stress in the film does not vary through the thick- 
ness of  the film. If  the stress varies through the film 
thickness, the substrate curvature technique gives only 
the average value of the stress. Doerner and Brennan I251 
have recently used a grazing incidence X-ray scattering 
(GIXS) technique to measure the biaxial stresses in films 
of aluminum on silicon as a function of distance from 
the film-substrate interface. Some of their results are 
shown in Figure 19. The samples were initially heated 
to 450 ~ and allowed to relax to a stress-free state be- 
fore cooling to room temperature where the measure- 
ments were made. On cooling to room temperature, much 
of the differential thermal strain is accommodated by 
plastic deformation, leaving a small residual elastic strain 
in the film. The X-ray technique gives the remaining 
elastic strain (or stress) as a function of distance from 
the film-substrate interface. Except for a sharp variation 
very near the surface of the film, the elastic strain (and 
stress) remains relatively constant through the thickness 
of  the film. Thus, for this case, the substrate curvature 
technique can be used to determine the local biaxial stress 
through most of the thickness of  the film. This assump- 
tion is probably not valid for films in their as-deposited 
state because their structure (and stress) may vary sig- 
nificantly through the thickness of  the film. 

B. Measurement of  Elastic and Plastic Deformation 
in Thin Films on Substrates 

In order to study the deformation properties of a thin 
film on a substrate, it is necessary to be able to vary the 
stress (or strain) and measure the corresponding changes 
in strain (or stress) in the film. Because the film is usu- 
ally quite thin and because it is attached to the substrate, 

GIXS Technique (Doerner and Brennan, 1988) 
(film thicknesses of 260 and 600 nm) 

1.0 
Total Thermal Strain (on cooling from 450 C) 
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Fig.  1 9 - - E l a s t i c  s train dis t r ibut ion in A1 f i lms  on Si substrates  ob- 
ta ined using the GIXS technique,  t25~ The  strains (and stresses)  are uni- 
form over  mos t  o f  the f i lm th ickness .  
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ordinary bulk mechanical testing methods cannot be used. 
However, we can use thermal expansion and the sub- 
strate curvature method to create a thin film mechanical 
testing technique. We can make use of  differences in 
thermal expansion coefficients between the film and the 
substrate to impose varying biaxial strains in the film 
through heating and cooling. The curvature technique can 
then be used to measure any corresponding changes in 
film stress. 

The results of  such a testing procedure are shown in 
Figure 20 for the case of  a polycrystalline film of alu- 
minum on an oxidized silicon wafer. Here the substrate 
curvature method was used to determine the biaxial stress 
in the film as a function of temperature during one of 
several heating and cooling cycles. The film had been 
annealed at 450 ~ prior to conducting the experiment 
in an effort to stabilize the grain structure. This anneal- 
ing step eliminates the fine-grained microstructure found 
in the as-deposited state and removes special features of  
the stress-temperature history that occur only during the 
first heating cycle. It also leaves the film in a state of  
biaxial tension at room temperature. As shown in 
Figure 20, the biaxial tensile stress in the film at room 
temperature is about 280 MPa at the beginning of the 
second heating cycle. As the film-substrate composite is 
heated, the greater thermal expansion of the aluminum 
film first relaxes the tensile stress in the film and later 
causes the film to go into a state of  compression. During 
the initial unloading portion of the curve, the differences 
in thermal expansion between the film and substrate are 
accommodated by elastic deformation of  the film. The 
slope of the curve in this regime is simply the product 
of the difference in thermal expansion coefficients and 
the biaxial elastic modulus of  the film, as shown in 
the figure. Eventually, biaxial yielding of the film in 
compression is observed as a deviation from the thermo- 
elastic loading line. For a more precise definition, the 
biaxial yield stress would have to be determined using a 
suitable plastic offset, such as 0.2 pct. With continued 
heating after yielding, the compressive stress rises only 
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slowly and eventually passes through a maximum. In this 
part of  the experiment, the changing thermal strain is 
accommodated by compressive plastic deformation in the 
film. The decreasing compressive stress with increasing 
temperature is an indication of  the expected temperature 
dependence of the flow stress. On cooling from 450 ~ 
the compressive stress is first relaxed to zero as the film 
thermally contracts more than the substrate. On further 
cooling, a tensile stress develops in the film, and this 
causes plastic deformation in tension to occur. The stress- 
temperature curve does not go through a maximum on 
cooling because the flow strength increases with de- 
creasing temperature. The curve in this part of  the ex- 
periment corresponds to the flow stress of  aluminum as 
a function of temperature. Note that the stress in the film 
after the thermal cycle is complete is about the same as 
the stress at the start of  the cycle. This is not unique to 
this particular experiment; it is commonly observed for 
metal films on silicon. In fact, repeated heating and 
cooling cycles, such as the one described here, result in 
stress-temperature plots that are almost identical to the 
one shown in Figure 20. 

The stress-temperature history for an alloy of A1 + 
2 pct Cu that had also been annealed once prior to testing 
is shown in Figure 21 .[26] The main features of  the curve 
are the same as those for pure aluminum. In this case, 
however, the microstructure changes with temperature 
as the copper dissolves on heating and precipitates from 
solution on cooling. The effect of  precipitation from so- 
lution on cooling is indicated by the rapid strengthening 
that occurs near 150 0(7. Below that temperature, the f'dm 
does not deform plastically, indicating that the yield 
strength exceeds the actual stress in the film. 

This technique for studying the plastic deformation 
properties of thin films on substrates permits one to study 
both yielding and plastic flow. Even time-dependent 
plastic flow can be studied by holding the temperature 
constant and measuring the kinetics of  stress relaxation. 
However,  it should be noted that because the strains are 
thermally imposed, generally it is not possible to con- 
duct an isothermal stress-strain deformation experiment. 
Thus, the stress-temperature diagrams shown in Figures 20 
and 21 represent nonisothermal mechanical hysteresis 
curves. 
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C. Microstructural Changes in Thin Films 

In the examples cited above, the stress-temperature re- 
lations are dominated by the effects of elastic and plastic 
deformation. Any microstructural changes that occur 
during heating and cooling are assumed to influence the 
resulting stress-temperature curve only by their effects 
on the elastic and plastic properties. When major micro- 
structural changes occur, this assumption is no longer 
valid, and the dilatational effects of microstructural 
changes must be included in the interpretation of the stress- 
temperature curve. 

As noted above, the stress-temperature history for the 
first heating of an as-deposited film is usually quite dif- 
ferent from the curves discussed above. An example is 
shown in Figure 22/271 This film is in biaxial tension in 
the as-deposited state. Upon heating, the greater thermal 
expansion of the film compared to the substrate causes 
the stress to become compressive. With continued heat- 
ing, the compressive stress in the film reaches a very 
large value before decreasing rapidly in the temperature 
range of 225 ~ to 275 ~ This stress relaxation is not 
caused by plastic deformation in the film. It is the result 
of the densification of the film that accompanies grain 
growth. In the as-deposited state, the grain size in the 
film is extremely fine. This as-deposited grain structure 
is unstable; the grains begin to grow at about 225 ~ and 
continue to grow during heating until they are compa- 
rable in size to the thickness of the film. This causes a 
huge stress relaxation to occur. The excess volume as- 
sociated with the large number of grain boundaries in 
the as-deposited state is removed during heating, and this 
densification relaxes the compressive stress in the film. 
This mechanism of stress relaxation does not involve 
plastic deformation of the film; it is the result of a struc- 
tural transformation within the film. The stress relax- 
ation associated with grain growth occurs only during 
the first heating cycle. For subsequent heating and cool- 
ing cycles, the grain structure remains essentially con- 
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Fig. 22--Stress- temperature plot for an AI + 1 pct Si + 2.5 pct Ti 
film on a Si substrate. 1271 The stresses observed during the first heating 
and cooling cycle are shown. The large stress relaxation observed near 
250 ~ is caused by densification of  the film via grain growth. 

stant, and the stress-temperature curves are dominated 
by elastic and plastic deformation of  the film. The stress 
changes associated with grain growth could cause the 
stress to change sign. If the tensile stress in the as- 
deposited state was greater, then grain growth would have 
caused the stress to go back into tension in the temper- 
ature range of 250 ~ to 300 ~ 

In some cases, the stress-temperature relations are al- 
most completely dominated by structural transformations 
that occur upon heating and cooling. An example is shown 
in Figure 23 for a chemically vapor-deposited (CVD) film 
of W S i  2 o n  S i .  [261 This film is essentially amorphous in 
the as-deposited state and is in a state of  biaxial tension. 
The stress decreases slightly on heating due to the dif- 
ferences in thermal expansion of the film and substrate. 
At about 500 ~ the film crystallizes and densities, 
causing the tensile stress in the film to increase abruptly. 
At still higher temperatures, the film begins to deform 
plastically, and this causes the stress to relax. Heating 
to 900 ~ leads to a very stable microstructure that does 
not change during subsequent heating and cooling cycles. 
After the structure has been stabilized in this way, the 
film deforms in a purely reversible, elastic manner on 
subsequent heating and cooling. 

D. Strengths of  Thin Films on Substrates 

We now consider the mechanisms of  plastic defor- 
mation in thin films on substrates. We wish to under- 
stand the factors that control the strengths of these thin 
film materials. We note that materials in thin film form 
exhibit much higher strengths than their bulk counter- 
parts. For example, the data in Figure 20 indicate that 
the room-temperature yield strength of  pure aluminum 
is about 280 MPa in thin film form. The compressive 
flow stress at high temperatures is about 100 MPa. These 
strengths are much higher than those found for bulk pure 
aluminum. 

The high strengths of thin films on substrates can be 
attributed partly to the fine microstructures found in these 
materials. As noted above, even after annealing, the grain 
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size typically does not exceed the thickness of the film. 
As a consequence, significant grain size strengthening 
occurs naturally in these thin film materials. In addition, 
the dislocation densities in thin films can be quite high, 
and this also contributes to the high strengths of these 
materials. However, these microstructural factors cannot 
fully account for the high strengths of thin films on sub- 
strates. Much of the strength can be attributed to the fact 
that the substrate constrains dislocation motion in the film. 
Any oxides that may be present on the surface of the 
film can also constrain the movements of dislocations 
within the film. The effects of these constraints on dis- 
location motion are shown in Figure 24. Here we en- 
vision a single-crystal film attached to a substrate; the 
film is assumed to have a nondeformable oxide on its 
surface. A single dislocation moving within the film must 
leave a dislocation line at each interface as it moves. In 
this respect, the dislocation motion is analogous to the 
movement of threading dislocations in epitaxial films. 
We can use the approach developed for threading dis- 
locations to describe the motion of  dislocations in thin 
films, and this will permit us to understand the high 
strengths of  thin films on substrates. 

1. The misfit dislocation model 
Following the approach developed by Freund, uTl we 

consider the work done by the biaxial stress in the film 
when the dislocation travels a unit distance. For the ge- 
ometry shown in Figure 24, this may be expressed as 

c o s  4~ c o s  
Wl~y~r - o'bh [34] 

sin ~b 

where o- is the biaxial stress in the film, b is the Burgers 
vector, and h is the thickness of the film. Here we have 
retained the notation of Eq. [19] and used the subscript 
"layer" to indicate the work done by the stress in the 
film. In order for the dislocation to move, the work done 
by the stress in the film must be equal to or greater than 
the energies of the two dislocations left at the film- 
substrate and film-oxide interfaces, which we express as 

b2 [ 2~S/Z" 

Wdisl~176 __ p) [(~-'+~s) In (~-~) 

(/z: + ~o) \ b / J  
where/x s, /~, and/Zo are the elastic shear moduli of the 
film, substrate, and oxide, respectively, h and t are the 

f ~ Film Ih ~ ~ ' ~  

~ x  ~ Substrate [ ' 

Fig. 24--Dis locat ion  motion in an oxidized film on a nondeformable 
substrate. Misfit dislocations are produced at the two interfaces. 

thicknesses of the film and oxide, and fls = 2.6 and 
to = 17.5 are numerical constants. By equating Wlayer 
to Wdislocat i . . . .  we obtain an expression for the minimum 
biaxial stress needed to move the dislocation in the film: 

or = sin ~b b [ -/zitz• In 

cos ~b cos ,~ 27r(1 - v)h L(/zf +/zs)  

/~y/Zo + 
(t~i+ tZo) 

[36] 

This is an expression for the minimum biaxial yield 
strength of a single-crystal thin film on a substrate. No 
obstacles to dislocation motion, such as other disloca- 
tions, point defects, or grain boundaries, have been as- 
sumed, and no friction stress for dislocation motion has 
been considered. If an oxide is not present on the surface 
of the film, the second term in the brackets should be 
deleted. The most important feature of this result is the 
prediction that the yield strength of the film depends in- 
versely on the thickness of the film. This helps to ex- 
plain why very thin films have high yield strengths. 

2. Comparison of the model with experiment 
The predictions of Eq. [36] can be compared with the 

measured strengths of thin films on substrates. Kuan and 
Murakami f28~ have used X-ray techniques to measure the 
biaxial yield strengths of polycrystalline films of Pb on 
silicon at 4.2 K as a function of film thickness. Some 
of their results are shown in Figure 25. The films exhibit 
a strong (111) texture and have a large grain size. The 
predictions of Eq. [36] are shown as a solid line in the 
figure. The following constants were used in this cal- 
culation:/x s = 13.6 GPa,/~s = 66.5 GPa, ~o = 64 GPa, 
b = 0 .35nm,  u = 0.376, t = 5 nm, and sin 4)/ 
cos ~b cos h = 3.464. The model gives a good account 
of the strengths of these films. Doerner et al. Ia91 have 
also measured the biaxial strengths of thin films of pure 
aluminum as a function of  film thickness using the sub- 
strate curvature technique described earlier. The stress- 
temperature curves for two different film thicknesses are 

~0 

X 

10000 

Biaxial Strengths of Pb Thin Films on Si 

<111> Single-Crystal Model 

1000 

lOO 

�9 Experimental (Kuan & Murakami, 1982) 
(Grain Size = 4.5 microns T=4.2 K) 

10 , I i I ~ I i I i I , I 
0.0 0.2 0.4 0.6 0.8 1.0 1.2 1.4 

Film Thickness (Microns) 

Fig. 25 - -  Biaxial strengths of  Pb thin films on Si substrates as a func- 
tion of film thickness. ~2sl Predictions of  the misfit dislocation model 
for film strength are shown for comparison. 
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shown in Figure 26. Note that the strength of the thinner 
film is greater at both high and low temperatures. This 
suggests that an athermal strengthening mechanism is 
primarily responsible for the strength of the film. The 
mechanism described earlier is essentially athermal, as 
indicated by the absence of a strongly temperature- 
dependent term in Eq. [36]. The predictions of Eq. [36] 
are compared with the experimental results of Doerner 
et al.  [29] in Figure 27. The curve labeled cro represents 
the prediction of Eq. [36] using the following constants: 
/xf = 24.8 GPa, /x~ = 66.5 GPa, /Xo = 178.9 GPa, b = 
0.286 nm, u = 0.31, and sin ~b/cos ~b cos A = 3.464. 
It is evident that the measured yield strengths are 
greater than the predictions of  Eq. [36], especially at the 
larger film thicknesses. The discrepancy is due to the 
omission of grain size strengthening in the above model. 
Doerner [3~ measured the grain sizes of the aluminum 
fdms with TEM and found a systematic variation of grain 
size with film thickness. She found the grain size to be 
about 1.3h, where h is the thickness of  the film. Using 
this relation together with the Hall-Petch coefficient of  
ky = 6 • 10 4 N / m  3/2 reported for bulk aluminum by 
Hansen [31[ and Armstrong, ~32] we can find the grain size 
contribution to the strength. This contribution is shown 
as a solid line labeled kyd -1/2 in Figure 27. By adding 
this contribution to ~ro, we obtain a prediction that is in 
reasonable agreement with the data. A grain size contri- 
bution is negligible for the Pb data of  Figure 25 because 
the grain size is so much larger than the film thickness. 

We have argued that the constraint of  the substrate 
makes a significant contribution to the strength of a thin 
film on a substrate. One way to check this prediction is 
to compare the strengths of  thin films on substrates with 
the strengths of  free-standing thin films. A comparison 
of this kind is shown in Figure 28. Here the yield strength 
data of  Doemer et al. ]291 for pure aluminum films on sil- 
icon are compared with biaxial yield strengths of  free- 
standing thin films of A1 + 1 pct Si reported by Griffin 
et a1.[33.341 Griffin's data were obtained by bulge testing 
of free-standing films, so they do not include the effect 
of the constraint of  the substrate. All of  the data are plot- 
ted according to the Hall-Petch relation. The data of  
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Pure Aluminum Films on SiO 2 /S i  

400 ~ ~ i n e r  & Nix (1986)) 

0 Heating ~-----~C3,ri. = ~m...ib.~ ~Ip.,~t'-"~a,.., 
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-200 [] 590 nm 
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Fig. 26--Stress-temperature plots for thin films of AI on a Si sub- 
strate, t29] The results show that the thinner film is stronger than the 
thicker film at both low and high temperatures. 
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Fig. 27--Biaxia l  strengths of A1 thin films on Si substrates. 1291 The 
predictions of the misfit dislocation model for film strength are shown 
for comparison. Hall-Petch strengthening must be included to account 
for the high strengths of the films. 

Griffin et a l .  [33'34] w e r e  obtained for films with a con- 
stant thickness of  1 /xm, whereas the data of Doerner 
et al. [29[ were obtained for films of various thicknesses. 
Thus, the Hall-Petch slope for the Doemer  data is some- 
what misleading because much of the strengthening is 
actually caused by the constraint of  the substrate. The 
Hall-Petch slope for bulk polycrystalline aluminum is 
shown for comparison. We note that the strengths of  the 
aluminum films bonded to the silicon substrate are much 
greater than the strengths of the free-standing films. The 
consllaining effect of the substrate makes these films even 
stronger than bulk aluminum of comparable grain size. 
These comparisons support the idea that much of the 
strength of thin films on substrates is caused by the con- 
straint of the substrate. 
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Fig. 28- -Compar i son  of the strengths of the AI films on Si sub- 
strates 13~ with the biaxial strengths of free-standing films of AI + 
1 pct Si 133,341 in the form of a Hall-Petch plot. The constraint of the 
substrate causes the films bonded to the substrate to be much stronger 
than the free-standing films. 
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VII.  S U B M I C R O N  INDENTATION 
T E S T I N G  T E C H N I Q U E S  

In conventional studies of the mechanical behavior of 
materials, it is common practice to create test samples 
of the material in question, subject them to forces or 
displacements, and measure the corresponding response. 
Usually, simple stress states, such as tension, compres- 
sion, and torsion, are used to permit the calculations of 
stress and strain from the measured forces and displace- 
ments. Such an approach cannot be used to study the 
mechanical properties of thin films on substrates because 
the thin films of interest are typically 1 /~m in thickness 
or less and are bonded to substrates. Submicron inden- 
tation represents an alternative approach. By measuring 
the forces needed to create small indentations in thin films 
on substrates, it is possible to obtain information about 
the elastic and plastic properties of the film material. An 
inherent complication of this approach is that the stresses 
and strains produced by indentation are nonuniform within 
the test sample. Therefore, only nominal values of the 
stresses, strains, and strain rates can be determined in 
such tests. Nevertheless, submicron indentation gives 
some information about the mechanical properties of thin 
films that cannot be obtained easily in any other way. 

A. Depth-Sensing Indentation Instruments 

Although indentation hardness testing has been in 
widespread use for more than a century, high-resolution 
(submicron) indentation instruments have become avail- 
able only recently. Most of the instruments that are 
available have been built by individual investigators to 
meet specific research requirements. [35-43~ In the tradi- 
tional approach to the determination of hardness, a fixed 
load is imposed on a diamond indenter, and the resulting 
indentation is observed. The hardness is taken to be the 
load divided by the projected area of the permanent in- 
dentation. This approach has been adopted by Bangert 
et al.[4~ in their development of a microindentation at- 
tachment used in conjunction with a scanning electron 
microscope. Other instruments that do not require the 
direct observation of the indentation have also been de- 
veloped. [35-39'41-431 These instruments are called depth- 
sensing because both the load on the indenter and the 
displacements associated with indentation are measured 
in the course of indentation. An instrument of this kind, 
called the Nanoindenter, was developed by Pethica and 
Oliver [37"431 and is commercially available. Stanford 
University has such a device, and results obtained with 
that machine will be presented here. The basic charac- 
teristics of this instrument and the mechanical properties 
that can be measured with it are described below. Other 
instruments of this kind have been built by other inves- 
tigators. Most of  these are, like the Nanoindenter, load- 
controlled instruments in which the force on the indenter 
is imposed, and the resulting displacement of the in- 
denter into the material is measured. ~35-391 These instru- 
ments can be regarded as "soft" testing machines in the 
sense that the load on the indenter is not changed by the 
penetration of the indenter into the material but rather is 
controlled by the loading mechanism. Such instruments 
are analogous to creep machines in ordinary mechanical 

testing. Another form of microindentation can be done 
under displacement control. Li and Wu and their collab- 
orators [4~,421 have developed instruments that allow the 
displacement of the indenter into the material to be im- 
posed and the resulting load to be measured. Such in- 
struments are analogous to "hard" testing machines that 
are typically used in tensile testing. They are also well 
suited for the study of stress relaxation in indentation. I4~,44[ 

The microindentation experiments described here are 
characterized by the condition that the indenter makes 
increasing contact with the material during indentation. 
A different kind of mechanical response is observed when 
the indenter is fiat-ended and has the shape of a right 
circular cylinder. For such an indenter, the projected 
contact area does not change as the indenter is pushed 
into the material. This response has been called impres- 
sion testing by Yu et al. [45'46'471 and has been used to 
study the mechanical properties of small volumes of ma- 
terial. However, the impression tools used in such in- 
struments are typically too big to be used in the study 
of most thin films on substrates. 

B. The Nanoindenter 

A schematic diagram of the Nanoindenter is shown in 
Figure 29.[37.48] A diamond indenter is fixed to the end 
of a loading shaft that is suspended on delicate leaf springs. 
The leaf springs are compliant in the loading direction 
but stiff in the transverse direction. When the indenter 
is not in contact with the material, the shaft is supported 
both by the suspending springs and a force that is deliv- 
ered by the coil and magnet assembly at the top of the 
shaft. Movement of the indenter toward the sample is 
accomplished by reducing the force supplied by the 
magnet-coil assembly. The smallest load increment that 
can be made with the Stanford instrument is about 
0.25 p,N, and the maximum force that can be exerted is 
120 mN. Motion of the indenter toward the sample is 
measured by a capacitance displacement gage with a dis- 
placement resolution of 0.4 nm. With this resolution, it 
is possible to make indentation measurements in mate- 
rials with total indentation depths as shallow as about 
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( Mamaet ) 

Loading Coil 

~N/N/N/x 

~ n c e  
" ~ Displacement 

] Gage 

~,  Diamond Indenter 
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X - Y ~ t o r i z e d  Table]  

Fig. 29--Schematic diagram of the Nanoindenter. 
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20 nm. As noted above, the indentation made by the in- 
denter is not observed but rather is determined from the 
measured depth of indentation and the known shape of 
the indenter. The sample is mounted on an X-Y table 
that allows indentations to be precisely located with re- 
spect to each other on the same surface. The position of  
the first indentation of an array can be placed within a 
few micrometers of a given location; the remaining in- 
dentations of  the array can be placed with respect to the 
first one with a resolution of about 0 .5 /zm.  

Indenters of  any shape can be used in micro- 
indentation, but since small contact areas are needed, the 
best shape is the three-faced Berkovich indenter shown 
in Figure 30. Because any three nonparallel planes 
intersect at a single point, it is relatively easy to grind a 
sharp tip on an indenter if the three-faced Berkovich ge- 
ometry is used. The angles of  the faces are fixed so that 
the nominal relationship between the area and depth of 
indentation is the same as for the Vickers indenter. In- 
variably, the tip of  the indenter is rounded so that the 
ideal geometry is not maintained near the tip. As shown 
schematically in Figure 31, the actual depth of inden- 
tation produces a larger contact area than would be ex- 
pected for an indenter with an ideal shape. We use the 
effective depth, hcff, to indicate the depth of indentation 
that would be needed for an ideally shaped indenter to 
produce the same contact area as the nonideal tip for a 
plastic depth, hp. For the Berkovich (and Vickers) in- 
denter, the nominal shape is characterized by 

V A  = kheff = 24.5heff [37] 

where A is the contact area between the indenter and the 
material. For the diamond indenter used in most of  the 
Stanford tests, the radius of  curvature at the tip is about 
300 nm. 

Effective Plastic Depth 

~ I hef f  

Fig. 31 --Definitions of the plastic depth and the effective depth for 
an indenter with a nonideal shape. The effective depth is the depth at 
which an ideal indenter would create the same contact area as the real 
indenter. 

C. Indentation Mechanical Properties 

In a typical experiment, the tip of the indenter is moved 
toward the surface of the sample by gradually increasing 
the load on the indenter shaft. With a constant loading 
rate of  1 /xN/s, the tip of the indenter travels down- 
ward at a velocity of  about 20 nm/s .  When the tip con- 
tacts the surface, its velocity drops below 1 nm/s ,  and 
the computer records the displacement of  the tip. This 
is the point at which the indentation experiment begins. 
The loading rate is subsequently adjusted to maintain 
the descent velocity between 3 and 6 nm/s .  A typical 
indentation loading curve is shown schematically in 
Figure 32, where the load on the indenter is plotted against 
the depth of indentation. The process of indentation causes 
both elastic and plastic deformation to occur, as shown 
in Figure 33. The tip of  the indenter is usually sharp 
enough to cause plastic flow to occur from the very be- 
ginning of the test so that an elastic-plastic transition typ- 
ical of  an ordinary tensile test is not observed. The slope 
of the loading curve increases with depth of indentation 
because the indenter makes increasing contact with the 
material during indentation. The hardness of  the material 
can be found by dividing the indentation force by the 
contact area at each point along the loading curve. This 
permits a measurement of the hardness as a function of 
the indentation depth. I f  the load is held constant, the 
indenter will continue to sink into the material in a time- 
dependent manner as creep flow under the indenter oc- 
curs. This allows a study of the creep properties of  very 

Fig. 30--Replica TEM micrograph of the Berkovich indentation. 
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Fig. 32--1ndentation loading and unloading curves. Hardness, creep, 
and elastic properties can be obtained from these data. 
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Fig. 33--Illustration of elastic and plastic deformation associated with 
indentation. 

small volumes of material. During unloading, the in- 
denter is pushed back out of the material by the elastic 
restoring forces in the system. This effect can be used 
to determine elastic properties. We begin our discussion 
of mechanical properties by showing that the elastic 
properties of materials can be determined by analyzing 
the unloading portion of the indentation curve. 

1. Elas t ic  proper t i e s  
From the slope of the unloading curve, it is possible 

to determine the elastic modulus of the material being 
indented, provided the contact area and the elastic prop- 
erties of the indenter are known. Loubet et al.t381 showed 
that the slope of the unloading curve could be modeled 
by treating the indenter as a flat-ended elastic punch 
causing displacements to occur in an elastic half-space. 
According to such a model, the unloading slope is given 
by 

dP 
- -  = / 3 E *  V ~  [ 3 8 ]  
dh 

where P is the load, h is the depth of indentation, A is 
the contact area,/3 is a constant that depends slightly on 
the shape of the indenter, and E* is an effective modulus 
for the system defined by 

2 /]2 
1 1 - Vo 1 - 

- -  = - -  + - -  [ 3 9 ]  
E* E0 E 

where E0 and v0 are Young's modulus and Poisson's 
ratio of the indenter, respectively, and E and v are the 
same elastic properties of the material being indented. 
For a cylindrical punch, Sneddon [491 showed that the 
constant/3 is 2/7r ~/2. King tS~ later showed that the con- 
stant is only slightly different for other shapes: 

Circle - - / 3  = 1.0 
2 

Square - - / 3  = 1.011 
2 

Triangle - - / 3  = 1.034 
2 

The nonlinearity of the unloading curve indicates that 
the contact area decreases during the course of unload- 
ing. In order to determine the contact area at the point 
of maximum load, the slope of the unloading curve is 
extrapolated to zero load and the abscissa is read as the 
plastic depth, as shown in Figure 32. The plastic depth 
measured in this way, together with a knowledge of the 
shape of the indenter obtained from calibration experi- 
ments, permits a determination of the contact area. This 
contact area is related to the effective depth, heff, using 
Eq. [37]. Because the compliance of the Nanoindenter 
itself contributes to measured displacements at high loads, 
it is preferable to write Eq. [38] in terms of the 
compliance: 

dh 
- -  = C m + Cindent 
dP 

[401 
dh l 1 
- - =  Cm + - -  
aP /3v  E* 

where Cm is the compliance of the machine and Cindent 
is the compliance of the indenter and material. Using 
Eq. [37], this expression can be written in terms of the 
effective depth, hell, as 

dh 1 l 1 
- -  = C m  + [ 4 1 ]  
dP /3k E*  heff 

We see that the measured compliance should vary lin- 
early with the reciprocal of the effective indentation depth. 
As shown schematically in Figure 34, the slope of a plot 
of compliance vs the reciprocal of the effective depth 
gives a measure of the effective modulus of  the system. 
The elastic properties of materials can be measured in 
this way. Some results for various materials are given in 
Figure 35 and compared with elastic constants taken from 
the literature. The agreement is very good for soft ma- 
terials, such as aluminum. For harder materials, the in- 
dentation experiments give moduli that are higher than 
expected. We believe this is caused partly by the high 
pressure under the indenter. Some densification of  SiO2 
may occur under the indenter, and this may cause an 
increase in the elastic modulus. The pressure can also 
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increase the elastic modulus of  the material just under 
the indenter through nonlinear elastic effects. This may 
contribute to the higher values of  elastic modulus found 
for silicon and tungsten. 

It should be noted that the procedure outlined here for 
the measurement of  elastic properties can be applied to 
hard materials that show little or no plastic indentation. 
In the limit of no plastic deformation (with no friction), 
the unloading curve would coincide exactly with the 
loading curve, and all of  the displacements associated 
with indentation would be elastic. Under these limiting 
conditions, the slope of the curve at any point would 
indicate the contact area at that point. Pethica and Oliver 1431 
showed that purely elastic deformation is observed for 
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Fig. 3 5 - - E l a s t i c  propert ies  of  several  mater ia ls  obta ined by inden- 
tation unloading  e x p e r i m e n t s )  481 The  results  are compared  wi th  lit- 
erature values  of  the elast ic  propert ies .  The agreement  is best for soft 
meta ls  such as AI. 

small indentations in electropolished single crystals of 
tungsten. They assumed that for small indentations, the 
contact pressures are insufficient to cause dislocation nu- 
cleation and motion to occur in tungsten. They found the 
elastic properties to be well described by Eq. [38] in this 
regime. They also showed that for larger indentations, 
plastic flow occurs as a sudden increase in indenter dis- 
placement at a critical contact pressure. This event is 
assumed to coincide with the nucleation of dislocations 
under the indenter. That a critical contact pressure is 
needed for dislocation nucleation had been confirmed in 
earlier work on sapphire by Page et al. I511 

The elastic properties of thin films on substrates can 
also be measured by indentation. [48.50.521 It is evident that 
the indentation compliance should depend on the depth 
of indentation compared to the thickness of  the film. It 
is expected that for very large indentations, the compli- 
ance should be dominated by the elastic properties of  the 
substrate, whereas for small indentations, the compli- 
ance should be dominated by the elastic properties of  the 
film. Doerner and Nix 148] proposed a simple phenome- 
nological relation to describe the relative contributions 
of the film and substrate to the indentation compliance. 
Their expression for the indentation compliance (after 
subtracting the machine compliance from the measured 
compliance) is 

( dh '~t = 1 t 1 ~0 + _ _  exp - 

Eo E, 

( + " 1 - exp - 

[42] 

where E, and vs stand for the elastic properties of  the 
substrate, E I and vr stand for the elastic properties of  the 
film, t is the film thickness, and ot is a parameter that 
characterizes the transition from film to substrate con- 
trol. The expression shows that the product of the com- 
pliance and the film thickness depends uniquely on the 
ratio of the film thickness to the effective depth. Doerner 
and Nix t481 showed that this relation could be used to 
describe the elastic properties of  thin films of tungsten 
on silicon if ot was chosen to be 1.24. Their results are 
shown in Figure 36. The solid lines indicate the com- 
pliances of bulk silicon and tungsten. For small values 
of  t/h~ff (i.e., large indentation depths), the compliance 
data coincide with the compliance of the silicon sub- 
strate, as expected. For large values of  t/h,ff (i.e., small 
indentation depths), the compliance data approach the 
compliance of bulk tungsten. Thus, the experiment shows 
how it might be possible to determine the elastic prop- 
erties of  thin films on substrates from the composite 
modulus of the film and substrate. 

Recent theoretical work by King [5~ has confirmed that 
Eq. [42] gives a good account of  the indentation elastic 
properties of  thin films on substrates. However, King's 
work indicates that the parameter a is not constant but 
varies slightly with the relative depth of  indentation. 

2. Hardness 
As noted earlier, hardness is usually defined as the 

load divided by the projected area of  the indentation left 
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solid lines which indicate the measured compliances of  bulk W and 
Si also represent the limiting compliances for the thin film/substrate 
measurements.  

by the indenter.  The  p rob lem of  measur ing  the hardness 
of  thin f i lms on substrates is to avo id  the influence o f  
the substrate in the measurement .  Fo r  the case  of  metal  
f i lms on s i l icon,  the substrate is typ ica l ly  much harder  
than the fi lm. In this case,  the indenta t ion used to make 
the hardness measurement  must  be smal l  compared  to 
the f i lm thickness .  The d i sp lacement  resolut ion of  the 
Nanoindenter  permits  measurements  o f  this kind to be 
made.  

Hardness  measurements  for a pure a luminum film, 
1 tzm thick,  depos i ted  onto an ox id ized  s i l icon substrate 
are shown in Figure  37 as a funct ion o f  the depth o f  
indentat ion.  The smal les t  indentat ions g ive  hardnesses  
that coincide  with the hardness o f  s ingle-crys ta l  alumi-  
num. This is to be expected ,  as the smal les t  indentat ions 
probably  occur  within a single grain o f  a luminum.  The 
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Fig. 37--Hardness of an AI film on a Si substrate as a function of 
the depth of indentation. Izgj The results of a finite-element analysis are 
also shown for comparison, m~ The continuum treatment gives a good 
description of the data for a film of this thickness and grain size. 

measured  hardness increases  s l ightly with the depth o f  
indentat ion,  as expected.  The  harder  substrate causes  the 
measured hardness to increase when the plastic zone under 
the indenter  reaches the f i lm-substra te  interface.  A n  
elas t ic-plas t ic  f in i te-e lement  analysis  o f  this indenta t ion 
problem has been made by Bhattacharya and N i x )  52] One 
o f  their  results is shown in Figure  37. This con t inuum 
analysis  shows that the hardness  should increase  grad-  
ual ly  with increasing depth  o f  indentat ion,  espec ia l ly  for  
indentat ion depths greater  than about  20 pet  o f  the thick-  
ness o f  the film. The ca lcu la ted  hardness does  not reach 
the substrate hardness even for  large indentat ion depths  
because  most  o f  the indenter  still rests on the soft 
a luminum film. 

The  good  agreement  be tween  the f in i te-e lement  anal-  
ysis  and the measured  hardness  does not extend to thin- 
ner  f i lms.  As shown in F igure  38, for thinner f i lms,  the 
measured  hardness increases  much more abrupt ly  wi th  
indentat ion depth than the f in i te-e lement  analysis  pre-  
dicts .  Several  factors are be l i eved  to be respons ib le  for  
this effect .  The thinner  f i lms are known to have much 
f iner  gra in  sizes,  so that a Hal l -Petch  hardening effect  is 
to be expected.  In addi t ion,  as discussed ear l ier  in con- 
nect ion with misfi t  d is locat ions ,  d is locat ion mot ion  in 
thin f i lms requires h igher  shear  stresses than in the bulk  
because  o f  the const ra ining effect  of  the nondefo rmab le  
substrate.  This,  too,  may  help  to explain  why  the hard-  
ness o f  very thin f i lms is so much greater  than the pre-  
dict ions of  the cont inuum analysis .  

3. Creep and time-dependent deformation 
Because  the rate o f  movemen t  of  the indenter  can be 

measured  with the Nanoindenter ,  it is poss ib le  to s tudy 
the effects o f  strain rate on deformat ion  in the indenta-  
t ion mode.  This provides  an addit ional  exper imenta l  
var iable  in the study o f  thin f i lm deformat ion.  Here we 
describe the techniques that have been developed to study 
strain-rate effects in indenta t ion and show results  that 
have been obtained for bulk  mater ials .  
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Fig. 38--Hardness of a series of AI films on Si substrates as a func- 
tion of the depth of indentation, t29] The results of a finite-element anal- 
ysis are also shown for comparison, m] The continuum treatment does 
not give a good description of the data for the thinner films with the 
finer grain sizes. 
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As discussed above, the stresses and strains associated 
with indentation are nonuniform. Thus, the stress and 
strain-rate vary with radial distance from the point of 
contact. As a result, only nominal values of stress and 
strain rate can be calculated from the measured inden- 
tation force and velocity. As shown in Figure 39, we 
define the stress as the average pressure acting on the 
contact surface, tr = P/A, and the strain rate as the in- 
dentation velocity divided by the indentation depth, ~ = 
( l / h )  (dh/dt). Stresses and strain rates at any point in 
the sample are expected to scale with these quantities. 
Thus, the strain-rate sensitivity can be found using these 
nominal quantities. 

For soft metals and alloys, the elastic displacements 
associated with indentation are usually small so that the 
total depth of indentation can be taken to be the plastic 
depth. For this reason, the nominal strain rate can be 
calculated from the indentation velocity and the total depth 
at that point in the indentation. A complication does arise, 
however, for soft metals that exhibit strain hardening. 
The measured hardness of these materials typically de- 
creases with depth of indentation. This may be caused, 
in part, by the fact that the "geometrically necessary" 
dislocation density decreases with increasing indentation 
size. A simple argument reveals that the geometrically 
necessary dislocation density varies reciprocally with the 
depth of indentation, and this can be used to explain the 
depth dependence of the hardness. Because of these ef- 
fects, the relationship between stress and strain rate must 
be determined at a fixed indentation depth to avoid com- 
plications associated with strain hardening. Two meth- 
ods to do this have been developed by Mayo and 
Nix.]53,54.55] In one technique, a series of indentations is 
made at various loading rates, and a stress and strain rate 
are determined for each test at a particular depth. 153,54] 
Figure 40 shows the results of such measurements for 
coarse-grained samples of Pb and Sn and for a fine-grained 
sample of a Pb-Sn alloy. The slopes of these curves in- 
dicate the stress exponent for creep flow, which is the 
reciprocal of the strain-rate sensitivity. We see that the 
superplastic Pb-Sn alloy has a high strain-rate sensitivity 
of about 0.5; by comparison, the coarse-grained samples 
of Pb and Sn have much lower strain-rate sensitivities. 

INDENTATION STRESS AND STRAIN RATE 

Conta( 

A = }  

Stress Strain Rate 

1 dh 
P ~ -  h d t  O - A  

Fig. 39--Defini t ions of nominal stress and strain rate used in the 
study of strain-rate effects in indentation. 
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Fig. 40- -S t ra in  rate-stress relations for coarse-grained Pb and Sn 
and for fine-grained (superplastic) samples of a Pb-Sn alloy obtained 
through indentation experiments. 153,541 The indentation measurements 
give a high strain-rate sensitivity for fine-grained Pb-Sn, as expected. 
These data were obtained by making various indentations at different 
loading rates and measuring the stress and strain rate at a particular 
depth. 

These results are in good agreement with tests on bulk 
samples of these materials. An alternate method for de- 
termining the stress exponent (or strain-rate sensitivity) 
has been developed recently and used for the study of 
strain-rate sensitivity of nanophase TiO2 .155] In this tech- 
nique, the rate of movement of the indenter into the ma- 
terial is monitored, while the load is held fixed after a 
rapid initial load application. The nominal stresses and 
strain rates produced in superplastic Pb-Sn using this 
technique are shown in Figure 41. Again we see that a 
high strain-rate sensitivity of 0.5 is correctly found for 
this material. These methods can also be used to study 
the strain-rate sensitivity of plastic flow in thin films, 
provided the strain-rate sensitivity is manifested at room 
temperature where the Nanoindenter can be used. Tests 
of this kind should provide additional information about 
the controlling mechanisms of deformation in thin films. 

10 -1 

G" 

r~ 

Creep Testing of a Pb-Sn J 
Alloy using the 
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~ " Sn-38 wt%Pb 
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Fig. 41- -S t ress - s t ra in  rate relations obtained for fine-grained Pb-Sn 
using the Nanoindenter in the creep mode. t55] The data were taken 
from one indentation experiment in which the load was quickly ap- 
plied and the stress and strain rate measured as the indenter sinks into 
the sample. 
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VIII.  M E C H A N I C A L  T E S T I N G  
OF THIN FILMS USING 

MICROBEAM DEFLECTION TECHNIQUES 

Although the elastic and plastic properties of thin films 
can be studied most easily using the Nanoindenter in the 
indentation mode, this mode of testing has the disad- 
vantage that the material being deformed is under a large 
hydrostatic pressure. In the case of porous materials, this 
pressure can cause densification to occur and in other 
cases, phase transformations can be induced. These 
complications sometimes make it difficult to study the 
elastic and plastic properties alone. To avoid the prob- 
lems associated with indenter pressure, Weihs et a1.[56.57] 
and Hong et al. I581 have developed techniques for cre- 
ating micromechanical test samples in the shape of sin- 
gly supported cantilever beams. 

A.  Microbeam Fabrication 

The beams are typically 1/xm thick, 20 pm wide, and 
50 to 100/xm long. Lithographic patterning and aniso- 
tropic etching (or chemical micromachining) techniques 
are used to make these structures. Once fabricated, the 
beams are tested in the bending mode using the 
Nanoindenter. Both elastic and plastic deformation of thin 
film materials can be studied in this way. Because the 
deformation occurs mainly at the fixed end of the beam, 
it is not affected by the pressure under the indenter. 
Figures 42 and 43 show scanning electron micrographs 
of microbeams of  SiO2 and Au, respectively, made in 
this way. The clean faces of the pit in the silicon wafer 
are produced by anisotropic etching effects. The side faces 

Fig. 43 - -Scann ing  electron micrograph of  cantilever microbeams of  
Au made by integrated processing techniques. 156,s7,581 The beams ex- 
tend over a pit in the underlying Si substrate. 

of  the pit are {111} planes with edges along the bottom 
of the pit that are parallel to the (110) directions. The 
crystallographic nature of the pit for the gold beams is 
shown schematically in Figure 44. 

B. Microbeam Testing 

The testing of the microbeams is accomplished by de- 
flecting the beams with the Nanoindenter, as shown in 
Figure 45. The indenter is first positioned over one point 
on the microbeam and then moved toward the beam by 
gradually increasing the force. Before the indenter con- 
tacts the beam, the imposed force is supported entirely 

Fig. 4 2 - - S c a n n i n g  electron micrograph of  cantilever microbeams of  
thermal SiO2 made by integrated processing techniques.t 56,57,58~ The 
beams extend over a pit in the underlying Si substrate. 

Microbeam Test Samples 

Fig. 44 - -Schemat ic  diagram of  microbeams of Au extending over 
an etch pit in the underlying Si substrate. The crystallographic ori- 
entation of  the pit is created by anisotropic etching of  Si. 
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Subs~ate 

Fig. 45--Schematic diagram of the microbeam testing procedure. The 
indenter is placed over the beam and gradually lowered until contact 
with the beam is made. After contact is made, the imposed force is 
supported by both the suspending springs and the deflection of the 
microbeam. 

by the suspending springs of the Nanoindenter, and the 
relationship between the force and displacement in this 
regime is determined by the stiffness of these springs. 
The stiffness of  the system increases as soon as the in- 
denter makes contact with the beam. This is shown in 
Figure 46 for a test on a microbeam of SiO2. In order 
to obtain the bending properties of  the beam, it is nec- 
essary to subtract the forces associated with the deflec- 
tion of the suspending springs and to measure displacement 
from the point at which the indenter first makes contact 
with the beam. When this is done for microbeams of 
SiO2, the force-displacement relations shown in Figure 47 
are found. 

1. Elastic properties 
The slopes of the lines in Figure 47 give the stiff- 

nesses of  the beams, and from these measurements, the 
elastic modulus of  the beam material can be obtained, 
using appropriate beam bending relations and the di- 
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Fig. 47 - - N e t  load and net displacement measured for two deflections 
of a thermal SiO2 cantilever microbeam. 156] The data shown here were 
taken from Fig. 46. 

mensions of  the beams. The elastic properties of several 
thin film materials found using the beam bending tech- 
nique are shown in Table I and are compared with elastic 
properties obtained from indentation measurements. The 
beam bending results are in better agreement with values 
taken from the literature than are the indentation results. 

2. Plastic properties 
The yield strengths of thin metal films can also be 

measured using the beam bending technique. Beam 
bending force-displacement relations for microbeams of 
gold are shown in Figure 48. The curve that starts at the 
origin represents the force-displacement relation asso- 
ciated with an initial loading and unloading of a beam. 
The loading curve is approximately linear, except at the 
highest loads where some nonelastic behavior is noted. 
We also see that the displacement does not return to zero 
when the load is completely removed. This indicates that 
plastic deformation occurred during the test, most likely 
near the substrate support where the bending stresses in 
the beam are maximum. A subsequent loading experi- 
ment is also shown in the figure; for clarity, the second 
curve has been displaced arbitrarily along the displace- 
ment axis. Note that the loading portion of the second 
curve remains linear up to about 60 /xN,  the maximum 
load reached in the first loading cycle. Nonlinear, plastic 
behavior is observed only at higher loads. This indicates 
that the beam was strain hardened during the first load- 
ing cycle. The increased amount of  plastic deformation 
that occurs during the second loading cycle is indicated 
by the greater offset observed when the load is reduced 
to zero. The yield strengths and the strain-hardening 
properties of  metal beams can be found by calculating 
the stresses in the beam during the course of  nonelastic 
bending. The yield strength of thin film gold obtained 
in this way is shown in Table I and can be compared 
with the hardness of  the same material obtained using 
indentation. We note that the yield strength of gold mea- 
sured by beam bending is about 1/3 of  the hardness mea- 
sured by indentation, a result consistent with the classical 
plasticity relation, H = 3try. 
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Table I. Elastic and Plastic Properties Measured for Thin Film Coatings* 

Beam Test Indentation Test Literature 

Young's Yield Young's Young's 
Modulus Strength Modulus Hardness Modulus 

Si 163 >3.39 188 13 169 
Thermal SiO2 64 >0.57 85 12 57, 66 
Low temperature oxide 44 - -  83 10 - -  
Au 57 0.34 74 1.0 39 to 78, 80** 

*All data in GPa. 
**First range is from measurements on thin films; second value is for bulk gold. Gold is electron-beam deposited. 
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Fig. 48 - -Ne t  load and net displacement measured for cantilever 
microbeams of Au. t56~ The data from two different deflections are shown. 
A small amount of plastic flow occurs during the first deflection, and 
the beam is strain hardened. A higher load is required to cause yield- 
ing during the second deflection. 

IX. C O N C L U D I N G  R E M A R K S  

We have described the stresses in thin films on sub- 
strates, as well as some of the mechanisms by which thin 
film deformation occurs. This study leads to an under- 
standing of the formation of misfit dislocations in het- 
eroepitaxial structures and the high strengths of thin metal 
films on substrates. Because nontraditional testing tech- 
niques are required, much of the attention of this paper 
has been focused on these techniques. We have shown 
that laser scanning techniques for measuring substrate 
curvature provide a convenient way to study the biaxial 
stresses in thin films and the deformation processes that 
occur at high temperatures. Submicron indentation test- 
ing techniques for studying the hardness, elastic modu- 
lus, and time-dependent deformation properties of  thin 
films on substrates have also been described. We have 
shown that the elastic and plastic properties of  thin films 
can be studied by deflecting cantilever microbeams made 
by integrated circuit manufacturing methods. 

The motivation for much of the work described here 
has been the desire to understand the mechanical prop- 
erties of  the thin film materials used in microelectronic 
and magnetic devices. As such, the work may seem to 
be a move away from the traditional field of  mechanical 
properties of structural, load-bearing materials. While 
the experimental techniques described here may appear 
to be specific to the problems that arise in micro- 
electronic and magnetic applications, they are equally 

useful in the study of bulk structural materials. It is im- 
portant to remember that high-performance structural 
materials, like electronic materials, are also finely struc- 
tured. There is a need to obtain information about the 
mechanical properties of  individual features in the 
microstructures of structural materials. The techniques 
that are available for the study of microelectronic and 
magnetic thin films can also be used to study the me- 
chanical properties of  some of these microstructural fea- 
tures. In this way, the study of mechanical properties of  
thin films is complementary to the study of bulk struc- 
tural materials. Thus, the mechanical properties of  thin 
films represent but another chapter in the long history 
of the study of the relationship between microstructure 
and mechanical properties in the field of Metallurgy and 
Materials Science. 
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