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The kinetics of the precipitation of aluminum nitride on internal nitriding the Fe-2 at. pct A1 
alloy was investigated for cold-rolled and recrystallized specimens exhibiting "ideally weak" 
interaction behavior of the solutes A1 and N. The kinetic analysis was performed using mass- 
increase data obtained for thin foils (thickness -<0.1 mm) upon nitriding in a NH3/Hz gas mix- 
ture at temperatures in the range 803 to 853 K. Activation-energy analysis revealed that 
precipitation of A1N in the recrystallized specimens is associated with a Gibbs free energy barrier 
for the formation of a precipitate of critical size; the precipitation rate is controlled by both 
nucleation and growth. On the other hand, precipitation of AIN in the cold-rolled specimens 
occurs without a Gibbs free energy barrier for formation of a precipitate of critical size; the 
precipitation rate is controlled by growth with kinetics governed by volume diffusion of alu- 
minum. Analysis of the total Gibbs free energy of formation of A1N in the a-Fe matrix showed 
that in the case of  the recrystallized specimens, the formation of incoherent A1N precipitates 
with a hexagonal crystal structure is favored. In the case of the cold-rolled specimens, containing 
a high dislocation density, the formation of coherent A1N precipitates with cubic crystal structure 
is favored, at least in the beginning of precipitation. 

I. INTRODUCTION 

INTERNAL nitriding of ferritic steels is performed to 
enhance the fatigue resistance and also to improve the 
wear properties. The improvement of properties is due 
to the formation of a so-called diffusion zone t~l where 
the nitriding-induced strengthening is caused by the pre- 
cipitation of very small particles of nitride(s) of the al- 
loying element(s), like aluminum I2-51 and chromium.t6-12~ 
Models allowing reliable quantitative predictions of the 
properties after nitriding do not exist at present. This is 
caused by a lack of knowledge on the (kinetics of the) 
microstructural changes evoked in the nitrided region. 
The present project aims at the development of such 
models for the case of  aluminum as an alloying element 
in iron and steels. An Fe-2 at. pct A1 alloy has been 
chosen as the model system. The microstructure after 
nitriding has been discussed in Reference 5. The present 
article deals in particular with the kinetics of the internal 
nitriding of Fe-2 at. pct A1 specimens. The effects of  
two initially different specimen conditions have been 
studied: recrystallized and cold-rolled. 

Thermogravimetric gaseous nitriding experiments of 
flat, thin specimens have been performed to extract ki- 
netic parameters from mass-increase data obtained as a 
function of time and temperature. Each mass-increase 
data point represents the total momentary nitrogen 
uptake of the specimen or, in other words, the value of 
the nitrogen uptake averaged over all depths in the spec- 
imen. For straightforward interpretation of the thermo- 
balance data, the local nitrogen uptakes should represent 
ideally weak interaction behavior of the solutes A1 and 
N. tSJ Ideally weak interaction behavior implies that 
during nitriding the nitrogen concentration is constant as 
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a function of distance to the surface. This implies that 
(upon nitriding) nitrogen can reach the core of the spec- 
imen by diffusion before significant nitride precipitation 
occurs near the surface. Continued nitriding then cor- 
responds with a gradual increase of the homogeneous 
nitrogen level of the specimen. This condition is realized 
here by application of sufficiently thin foils. 

II. EXPERIMENTAL 

The Fe-AI alloy used was prepared by melting iron 
and aluminum powder under an H2 flow in a sintered 
A1203 crucible. The composition of the Fe-AI alloys is 
given as follows: 2.05 at. pct A1, 4 x 10 -4 at. pct N, 
6 x 10 -3 at. pct C, 6 x 10 -3 at. pct O, balance Fe. 

The Fe-A1 bar was cold-rolled down to a final thick- 
ness of ~0.15 mm, applying recrystallization treatments 
at 973 K in Ar after ~65 pct and -~80 pct cold reduction. 
After the first recrystallization treatment, the homoge- 
neity of the alloy composition over the thickness of the 
slab was verified by electron-probe (X-ray) micro- 
analysis (EPMA). The last cold-rolling step involved 
about 60 pct thickness reduction. Specimens were cut 
(geometry: 10 • 11 x 0.15 mm 3) from the rolled strip. 
They were chemically polished using Kawamura's re- 
agent.tl3l The recrystallized specimens were re- 
crystallized at 973 K in H2 for 45 minutes before 
nitriding. The grain size of the recrystallized specimen 
was about 20/~m. 

A specimen thickness of 0.1 mm (obtained after treat- 
ment with Kawamura's reagent) was used for both the 
recrystallized and cold-rolled specimens. However, in 
the case of nitriding at 848 K for the cold-rolled speci- 
mens, a thickness of 0.06 mm had to be used to obtain 
ideally weak interaction behavior (Figure 1, 
Section III-A).  

Nitriding was performed in a thermobalance (DuPont 
Thermogravimetrical Analyzer (TGA) 951; sensitivity of 
about 5/xg) using a NH3/H2 gas mixture with a nitriding 
potential rN (=PNHJ(PH2) 3/2) of 2.45 x 10 -4 Pa -l/z and 
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a linear gas velocity of 15.0 mm s -t at temperatures in 
the range 803 to 853 K for total times varying between 
24 and 135 hours (see Reference 14 for a detailed de- 
scription of gas purification and nitriding in the TGA 
apparatus). Under these conditions no iron nitrides can 
be formed. The curves of mass increase shown in the 
figures were obtained by least-squares spline fitting 
(polynomial degree of 3) to the data with about 10 
breakpoints. 

After nitriding, the specimens were annealed at 723 K 
in pure H2 to remove the nitrogen that was not chemi- 
cally bonded (denitriding). 

Microhardness profiles were determined by measuring 
on a cross section using a LEITZ DURIMET* micro- 

*LEITZ DURIMET is a trademark of Leitz Inc.,  Rockleigh, NJ. 

Vickers hardness tester with a load of 25 g. Every value 
for the hardness given in this article represents the av- 
erage of 10 measurements. 

Electron-probe (X-ray) microanalysis (wavelength 
dispersive analysis) was employed to determine quanti- 
tatively the composition and, in particular, to verify that 
a homogeneous nitrogen distribution was achieved (for 
details, see Reference 5). 

III. RESULTS 

A .  Weak Interact ion Behavior  

The hardness as a function of depth below the surface 
for the thin cold-rolled foils is shown in Figure 1. The 
results obtained show that ideally weak interaction be- 
havior of the solutes A1 and N is indeed obtained for the 
cold-rolled specimens of thickness 0.1 mm. Only at 
848 K, a (maximal) thickness of 0.06 mm had to be used 
in order to guarantee ideally weak interaction behavior. 
For the case of the recrystallized specimens, it was al- 
ready shown in Reference 5 that ideally weak interaction 
behavior holds for specimens with a thickness of 
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Fig. l - -Ha rdnes s -de p t h  profiles of  cold-rolled (60 pct thickness 
reduction) Fe-2 at. pct A1 foils after 1 h of  nitriding at temperatures 
indicated. The foil thickness is 100 /zm, except for the specimen 
nitrided at 848 K, which has a thickness of  6 0 / z m  (Section I l l -A) .  
Weak interaction behavior is observed: absence of hardness (com- 
position) gradients. 

0.3 mm. Therefore, this will certainly be the case for 
the presently employed thickness of 0.1 ram. 

B. Thermogravimetr ic  Analysis  

The mass change during gas nitriding in the TGA ap- 
paratus is measured as a function of time, t, and tem- 
perature, T. The results obtained (after application of 
correction procedures; Appendix A) are shown in 
Figures 2 and 3 for the recrystallized and cold-rolled 
foils, respectively. 

The TGA curve of the recrystallized specimen can be 
subdivided into two stages (Figure 2): (I)  saturation of  
the a-Fe matrix with nitrogen (the nitrogen level at the 
first plateau corresponds very well with that for satura- 
tion of a-Fe TM) and (2) the nitride-precipitation part of 
the TGA curves. The TGA curves of the recrystallized 
specimens show that complete saturation of the matrix 
with dissolved nitrogen is realized before distinct nitride 
precipitation becomes apparent (see the first observed 
plateau in Figure 2). The mass increase characterized by 
precipitation of A1N shows a sigmoidal-shaped curve 
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Fig. 2 - - N i t r o g e n  uptake, expressed as atoms N per 100 atoms Fe, 
as a function of  nitriding time for Fe-2 at. pct AI recrystallized foils 
nitrided at temperatures indicated. Note the appearance of the first 
plateau associated with a-Fe matrix saturation with nitrogen. 
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Fig. 3 - - N i t r o g e n  uptake, expressed as atoms N per 100 atoms Fe, 
as a function of nitriding time for cold-rolled (60 pct thickness reduc- 
tion) Fe-2 at. pct A1 foils nitrided at temperatures indicated. 

766--VOLUME 26A, APRIL 1995 METALLURGICAL AND MATERIALS TRANSACTIONS A 



Table I. Mass Increase Data for Nitriding of Recrystallized and Cold-Roiled Fe-2 At. Pct AI Specimens* 

Nitriding 
T e m p e r a t u r e  Amfirst plateau Ammax 

(K) Microstructure (Atoms N/100 Atoms Fe) (Atoms N/100 Atoms Fe) 

818 REC 0.09 2.67 
833 REC 0.12 2.89 
843 REC 0.15 2.84 
853 REC 0.16 2.78 
803 CR - -  3.12 
818 CR - -  3,00 
833 CR - -  2,98 
848 CR - -  2.90 

*Amn,t ~.ate,u = mass  increase cor responding  to the first plateau in the curve  of m a s s  increase  vs nitriding t ime (Figure 2); Amma~ = mas s  increase 
for comple ted  nitriding (Figure 2). 

REC: recrystall ized. 
CR: cold-rolled. 

typical of a solid-state precipitation process controlled 
by nucleation and growth, tjS] 

The TGA results obtained for the cold-rolled speci- 
mens show that the mass-increase rate is maximal at the 
start of nitriding and that it decreases continuously to 
zero (Figure 3). The TGA curves of the cold-rolled spec- 
imens do not exhibit a time-separated nitrogen saturation 
of the matrix (compare Figure 3 with Figure 2). 

The mass-increase data for completed nitriding of both 
recrystallized and cold-rolled materials and for the first 
plateau observed for the recrystallized specimens are 
gathered in Table I. 

C. Determination of the Fraction-Transformed AIN 

To separate the effects of matrix saturation and pre- 
cipitation of aluminum nitride, the degree of precipita- 
tion (the fraction transformed), f (with 0 -< f - <  1), can 
be defined as 

A m t  - -  A m a . v  e 
f = [1] 

Ammax --  Ama_Fe 

where A m  t is the mass increase at time t, Am~_Fe is the 
mass increase due to the equilibrium solid solubility of 
nitrogen in a-Fe, and A m m a  x is the maximal mass 
increase. 

The curves of fraction transformed vs time thus ob- 
tained are shown in Figures 4 and 5. In the case of the 
cold-rolled material, it was assumed that the same mass 
increase due to matrix saturation with nitrogen can be 
applied as for the recrystallized material. This implies 
for cold-rolled material that the matrix saturation with 
nitrogen has been taken to be realized effectively at t = 
0. In view of the relatively large amounts of nitrogen 
involved in nitride formation, this simplification only in- 
troduces a small error for the beginning of  trans- 
formation. Denitriding after a short time nitriding 
(20 minutes) at 833 K revealed that not all nitrogen 
could be removed. Evidently, for the cold-worked con- 
dition, nitride precipitation takes place from the start of 
nitriding. 

Apart from the presence of nitrogen incorporated in 
aluminum nitrides and of nitrogen dissolved in the 
matrix lattice according to the equilibrium solubility of 
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Fig. 4 - - F r a c t i o n  A1N precipitated,  f ,  for  recrystal l ized Fe-2 at. pet  
AI foils as a funct ion  of  ni tr iding t ime at t e m p e r a t u r e s  indicated. 
Curves  obta ined  f rom Fig. 2 by appl icat ion o f  Eq. [2]. 
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Fig. 5 - - F r a c t i o n  AIN precipitated,  f ,  for  cold-rolled Fe-2 at. pet A1 
foils as a funct ion  o f  ni tr iding t ime at t empera tures  indicated. Curves  
obta ined f rom Fig. 3 by applicat ion o f  Eq.  [2]. 

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 26A, APRIL 1995--767 



a-Fe, so-called excess nitrogen can occur. The excess 
nitrogen consists of absorbed nitrogen due to (1) matrix- 
lattice dilatation caused by (partial) elastic accommo- 
dation of the misfit between nitride and matrix, 
(2) nitrogen adsorbed at the nitride/matrix interfaces, 
and (3) nitrogen associated with dislocations; for a full 
discussion, see References 5 and 16, where it has also 
been shown and explained that the amount of excess ni- 
trogen is only significant for the cold-rolled alloy. In the 
following discussion (Sections IV, V, and VI) of nitride- 
precipitation kinetics, the effect of excess nitrogen is 
considered to be negligible (for the recrystallized alloys) 
or to be proportional to the momentary amount of nitro- 
gen incorporated in the aluminum nitrides (for the cold- 
rolled alloys). 

IV. METHODS OF KINETIC ANALYSIS 

A. Johnson-MehI-Avrami Analysis 

For heterogeneous solid-state transformations, often 
so-called Johnson-Mehl-Avrami (JMA) kinetics are as- 
sumed for, in particular, the first stages of 
precipitation: tlSj 

with 

f ( t )  = 1 - exp(-Kt") 

K = Ko e x p ( - Q / R T )  

[2a] 

[2b] 

where K0 is a pre-exponential factor; Q represents an ef- 
fective activation energy; n is the JMA exponent; and R 
and T indicate the gas constant and absolute temperature, 
respectively. 

B. Activation Energy Determination (AED) Analysis 

The degree of transformation f (with 0 -< f - <  1) can 
be considered to be determined by a single-state variable 
/3 that depends on the path followed in the temperature- 
time diagram, t~7j If the transformation mechanism is in- 
variable for the region in the temperature-time diagram 
considered, it is tempting to interpret 13 as proportional 
to the number of atomic jumps, since T determines the 
atomic mobility and t defines the duration of the process 
considered. For an isothermal transformation, it is thus 
suggested that the state variable 13 is the product of a 
rate constant k and transformation time t, where the rate 
constant obeys an Arrhenius-type relationship: ~7J 

/3 = k(T)t [3a] 

with 

k(W) = ko e x p ( - E / R T )  [3b] 

where k0 is a pre-exponential factor and E denotes an 
effective activation energy. Without recourse to any ki- 
netic model, a value for the activation energy can be 
obtained from the lengths of time between two fixed 
stages of transformation fl and f2, measured at a number 
of temperatures. It follows that 

E 
ln(t/~ - t:,) = - -  - In/co + ln(/3/~ -/3:,) [4] 

RT 

A value of E is derived from the slope of a plot of 
In (t:2 - t:) vs 1/T; a value of k0 can be obtained from 
the intercept, provided a specific kinetic model is 
adopted (implying knowledge of fl:2 - /3:,). 

It should be noted that the determination of an acti- 
vation energy for the process studied by application of 
the AED analysis (Eq. [4]) is more generally valid than 
by application of JMA analysis (Eq. [2]), because in the 
AED analysis no specific description is assumed for the 
dependence of the degree of transformation on time and 
temperature, in contrast with the JMA analysis. 

From a comparison of Eqs. [2] and [3], the following 
relation between the activation energies defined for the 
JMA analysis, Q, and the AED analysis, E, is obtained 
(see also Appendix B in Reference 17): 

Q = n • E [5] 

Obviously, the experimental values of Q and E are only 
related through Eq. [5] if the JMA equation provides a 
satisfactory description for the kinetics of the process 
considered. 

V. NITRIDE PRECIPITATION IN 
THE RECRYSTALLIZED SPECIMENS 

For the recrystallized specimens, the JMA equation 
(Eqs. [2a] and [2b]) has been fitted simultaneously to 
the four curves of f vs t (one curve per nitriding tem- 
perature; Simplex procedure; tl81 Figure 4) for f - <  0.4. 
Results thus obtained for the kinetic parameters K0, Q, 
and n are gathered in Table II. 

Application of AED (Eq. [4]) to the TGA data of the 
recrystallized specimens (Figure 4) for 0 - f -< 0.4 
yields the results listed in Table III. 

For the present case (n = 3.7 --- 0.2; Q = 859 --- 
20 kJ mole-t; Table II), it follows that Q/n 232 --- 
14 kJ mole -t ,  which well agrees with the experimental 
value of AED analysis: E = 248 -+ 10 kJ mole -~ 
(Table III). This implies that the transformation can be 
described reasonably well by the JMA formalism 
(Section IV-B).  

The maximal nitride-precipitation rate for the re- 
crystallized material occurs for a progressed stage of ni- 
triding (Figure 4). This is compatible with a 
heterogeneous transformation process ttSj involving pre- 
cipitation of nitrides governed by nucleation and growth. 
Along the lines of Reference 19 (Appendix B of 
Reference 17), if both nucleation and growth occur, the 
activation energy Q can then be written as 

3 
Q = (NAy E* + NAvEA)  + -- NAy E D [6] 

2 

where E* is the amount of work associated with nucle- 
ation of a (A1N) nucleus of critical size, Ea is the acti- 
vation energy required for a solute atom (A1) to cross 
the critical nucleus/matrix interface, and Eo is the ac- 
tivation energy for a diffusional jump to the nearest sub- 
stitutional vacancy of one solute (AI) atom in the a-Fe 
matrix. The energies E* and EA control the rate of nu- 
cleation; t2~ Eo controls the rate of growth. The factor 
3/2 in Eq. [6] expresses that three-dimensional growth 
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Table II. Values of the Kinetic Parameters Obtained by JMA Analysis 
(Eq. [2]) Applied to the Recrystallized and Cold-Rolled Fe-2 At. Pet Al Specimens* 

K0 O 
Fe-2 At. Pct A1 f range (min-n) (kJ mole ~) n 

Recrystallized 0 to 0.4 (8 -+ 1) x 1041 859 - 20 3.7 --- 0.2 
Cold-rolled 0.4 to 0.9 (3.0 -4- 0.5) X t016 282 -+- 10 1.00 +- 0.03 

*Ko = pre-exponential factor; Q = activation energy; n = JMA exponent. 

Table III. Value of the Activation Energy, 
E, Determined by AED (Eq. [4]) 
Applied to the Recrystallized and 

Cold-Rolled Fe-2 At. Pct AI Specimens 

E 
Fe-2 At. Pct A1 frange (kJ mole -1) 

Recrystallized 0 to 0.4 248 --- 10 
Cold-rolled 0.4 to 0.9 301 --- 10 

is assumed with the radial growth of the precipitate pro- 
portional to the square root of  the diffusion coefficient 
of  aluminum in the matrix. The presence of Avogadro 's  
number, NAv, in Eq. [6] is a consequence of Q (in 
Eq. [2b]) being expressed as energy per mole. 

T a k i n g  N A v E  a = N A v E  o = 196 - 10 kJ mole -q22~ and 
using Q = 859 --- 20 kJ mole -I (Table II), it follows 
from Eq. [6] that E* = (61 --+ 4) • 10 -2~ J. This means 
that in the case of  the recrystallized specimens, the 
Gibbs free energy barrier for the formation of a critical 
nucleus of  A1N (i.e., AG* = (61 --- 4) x 10 -20 J 
369 - 26 kJ mole -l ,  where the effect of  a possible en- 
tropy term TAS* is neglected) is not negligible as com- 
pared with the chemical Gibbs free energy for formation 
of  AIN with hexagonal crystal s t r u c t u r e  (AGchem = 
- 2 8 7  kJ mole-l ;  Table BI). 

If  the total change in Gibbs free energy on precipi- 
tation of A1N is governed by chemical effects and elastic 
strain effects due to the precipitate/matrix volume 
misfit, the radius of  the critical nucleus, r*, and the as- 
sociated Gibbs free energy for formation of a critical nu- 
cleus, AG*, can be given for a spherical particle as 
follows (see, for example, Reference 15): 

r* = - mGchem -4- AGstrain X [7] cry 

16cr y3 
AG* = - -  • [8] 

3 (Aachem + AGate,in) 2 

where 7 is the interfacial energy of the interface (per unit 
area interface), AGchem denotes the Gibbs free energy of 
formation of A1N (per unit volume precipitate) and 
AG~t~, represents the elastic misfit strain energy in the 
precipitate/matrix assembly (per unit volume precipi- 
tate). Taking the experimental value for AG* (=61 • 
10 -20 J), (AGchem + AGstrain ) can be plotted vs y 
(Figure 6). 

For further interpretation of Gibbs free energy 
changes, the composition and the crystal structure of  the 
nitride that precipitates have to be known. Aluminum 
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Fig. 6 - - T h e  sum of  the chemical Gibbs free energy, AGr and the 
misfit-strain energy, AGs,ra~,, vs the interfacial energy of the interface, 
y, for precipitation of a spherical AIN precipitate with AG* = 61 • 
10 -20 J as the Gibbs free energy for formation of a nucleus of  critical 
size. Points A and B pertain to precipitation of  incoherent, hexagonal 
AIN with AGs~r~ = maximal (point A) and AGs,r~in = 0 (point B). 
Point C pertains to precipitation of coherent, cubic A1N (see text). 

nitride is considered as the stoichiometric compound 
A1N. Two crystal structures for AIN have been indicated 
(Appendix B in Reference 5). The equilibrium crystal 
structure of A1N, i.e.,  the structure to be observed on 
formation of AIN from the pure elements at normal pres- 
sure and temperature (N2 gas and A1 solid), is hexago- 
nal. t23~ Hexagonal AIN has a very large volume misfit 
with the a-Fe matrix. An alternative crystal structure for 
A1N is the face-centred cubic (fcc) structure, t24l which 
has a smaller volume misfit with the c~-Fe matrix but is 
expected to have a less negative Gibbs free energy of 
formation. If  A1N precipitates in the hexagonal mode, it 
will have an incoherent interface with the a-Fe matrix, 
whereas precipitation of A1N in the fcc mode will be 
associated with a coherent interface with the a-Fe 
matrix, at least in the beginning of precipitationJ 51 
Therefore, in the following, Gibbs free energy calcula- 
tions for hexagonal A1N are performed assuming an in- 
coherent precipitate/matrix interface, whereas such 
calculations for cubic AIN are performed assuming a co- 
herent precipitate/matrix interface. 

First, the precipitation of incoherent, hexagonal AIN 
is considered. The formula used for calculation of values 
of AGchem is derived in Appendix B (Table BI). Two ex- 
tremes for AGstrain c a n  be indicated for precipitation of 
hexagonal, incoherent A1N in a-Fe. The volume misfit 
between precipitate and matrix could be considered as 
accommodated fully elastically; the corresponding value 
for AGstrain is given in Table Bill. However,  in view of 
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the very large value of the misfit, full elastic accom- 
modation is very unlikely, and this value of AGst~a~, 
should be considered as an overestimate. Instead, ap- 
preciable misfit-dislocation generation is expected. Ac- 
cordingly, the volume misfit is largely accommodated 
plastically; an underestimate for AGstrain , thus, is nil. 
Hence, from AGchem and AG* and for the range of AGstrai, 
indicated and using Figure 6 (points A and B), it follows 
that the surface energy of the interface is in the range 
1.4 to 2.7 Jm -2. Indeed, such a surface-energy value 
corresponds with an incoherent nature of the interface) TM 

Second, the possible precipitation of coherent, cubic 
AIN is considered. The corresponding value of AGchem 
is unknown. The above treatment can be used to arrive 
at an estimate for AGchem for cubic A1N as follows. If 
precipitation of cubic A1N in the recrystallized material 
would occur, an upper estimate for the coherent inter- 
facial energy is 0.5 j m - 2 .  [26! The misfit-strain energy for 
this coherent precipitation is given in Table BIII. Taking 
these energy values, the experimental value for AG* and 
using Figure 6 (point C), the following underestimate for 
AGchem for cubic AIN is obtained: - 6 9  kJ mole -~. 
Indeed, IAGch~ml for cubic A1N is much lower than 
IAGchCml for hexagonal A1N (see discussion earlier in this 
section). This value of AGchem for cubic A1N will be uti- 
lized in Section VI. 

The discussion for the situations indicated by points 
A, B, and C in Figure 6 involves total changes of the 
Gibbs free energy for precipitation in recrystallized a-Fe 
of either incoherent, hexagonal AIN or coherent, cubic 
A1N, as presented in Figure 7 as a function of particle 
size (AG = AGchem -F AGstrain -~- AGsurf, where AGs,rf de- 
notes the contribution due to the precipitate/matrix inter- 
facial energy). Obviously, in the case of the 
recrystallized specimens, precipitation of incoherent, 
hexagonal A1N is likely to be favored over precipitation 
of coherent, cubic AIN. 

VI. NITRIDE PRECIPITATION IN 
THE DEFORMED SPECIMENS 

For the cold-rolled specimens, the JMA equation 
(Eqs. (2a) and (2b)) has been fitted simultaneously to 
the four curves of f vs t (one curve per nitriding tem- 
perature; Simplex procedure; [~8] Figure 5) for 0.4 -< f -<  
0.9. Results thus obtained for the kinetic parameters K0, 
Q, and n are gathered in Table II. 

Application of AED (Eq. [4]) to the TGA data of the 
cold-rolled specimens (Figure 5) for 0.4 -<f<- 0.9 yields 
the results listed in Table III. A good consistency of both 
values of activation energies occurs: Q / n  = 282 +- 
14 kJ mole -1 and E = 301 - 10 kJ mole -~ (see discus- 
sion in Section IV-B).  

The value obtained for the JMA exponent (n = 1.0) 
implies formal similarity with "homogeneous reaction 
kinetics. "ltS'm The nitrogen-uptake rate has its maxi- 
mum value at t = 0 and decreases monotonously for 
t > 0. This can be understood as follows. In the cold- 
rolled material, nucleation sites at dislocations occur 
abundantly. Thus, most nuclei for nitride precipitation 
may already be present at, effectively, the start of ni- 
triding. As compared to the recrystallized material, the 
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Fig. 7 - - T h e  total Gibbs free energy change, A G ,  v s  the  radius of  a 
spherical incoherent, hexagonal, or coherent, cubic AIN precipitate, 
r, calculated for the case of  precipitation in recrystallized Fe-2 at. pet 
AI specimens at 833 K: (a) AG per particle and (b) AG per mole of  
the particle. 

high density of nuclei in the cold-rolled material implies 
that the average distance to be covered by solute alu- 
minum atoms before they are incorporated in a nitride 
particle is much smaller, leading to a much higher 
nitride-precipitation rate for short nitriding times. 

If most nuclei can be assumed to be present effectively 
at the start of nitriding (see discussion in Sections A and 
B), it follows (cf. Eq. [6]) that 

3 
Q = - N A v E o  t9] 

2 

assuming three-dimensional growth as the transforma- 
tion rate-determining process. According to the experi- 
mental data, Q = 282 -+ 14 kJ mole -~, and thus, 
NAy Eo = 188 - 10 kJ mole -~. This value agrees well 
with the activation energy for volume diffusion of alu- 
minum in an a-Fe matrix (196 - 10 kJ mole-q22~). 

The above interpretation of Q implies that AIN for- 
mation in the cold-rolled Fe-2 at. pet A1 alloy proceeds 
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as a growth process for the major part of the precipita- 
tion. The observation of an apparently weak interaction 
behavior of the solutes A1 and N for the case of cold- 
rolled alloys (Section I) for sufficiently thin foils may 
then be understood as follows. 

In cold-worked metallic specimens, the dislocation 
density can be in the range 10 ~5 to 1016 m / m  3, which 
corresponds with an average separation of dislocation 
lines of 10 to 30 nm. For the Fe-2 at. pct A1 alloy, it 
holds that the average distance between the aluminum 
atoms is about 1 nm. Therefore, at the start of nitriding, 
(at least) one per 10 to 30 aluminum atoms resides on a 
dislocation line (ignoring a possible segregation). Ap- 
parently, upon inward diffusion of nitrogen, those alu- 
minum atoms on dislocations can lead to instantaneous 
formation of nitride nuclei (because there is no energy 
barrier for nucleus formation). Continued nitriding im- 
plies both (1) diffusion of nitrogen to larger depths and 
(2) diffusion of aluminum toward the already existing 
nitride nuclei. As a result, for a sufficiently thin (for ni- 
trogen to reach the core of the specimen) foil, a 
homogeneous nitrogen concentration increasing with the 
stage of nitriding can be observed (cf. Figure 1). Note 
that strong interaction behavior of the alloying element 
and nitrogen implies occurrence of a nitriding rate de- 
creasing with nitriding time, as observed here, but in 
contrast with the results obtained here, in that case, dif- 
fusion of nitrogen governs the precipitation process, and 
all aluminum at a certain depth should be converted at 
once in nitride, tS'llJ 

The precipitation of new phase particles on dis- 
locations can lead to (partial) release of the elastic strain 
energy associated with the line defects, which promotes 
the heterogeneous character of the precipitation process. 
If a specific volume misfit occurs between precipitate 
and matrix, the unfavorable effect of the associated 
strain energy for the precipitate/matrix assembly has to 
be considered as well (as in Section V). Then, in the 
case of precipitation on dislocations, an additional, nor- 
mally favorable (depending on the relative positions of 
dislocation and precipitate) effect of the release of  elastic 
strain energy by the interaction of the precipitate/matrix- 
misfit and dislocation stress fields has to be taken into 
account. 

In general the Gibbs free energy change for precipi- 
tation on/along a dislocation line, AG, can be given as: 

AG = AGchem -1- AGsurf + AGstrain - AGdisl -[- mGint [10] 

where AGchem = Gibbs free energy of formation for the 
precipitate; 

AG~f = precipitate/matrix interfacial energy; 
m a s t r a i n  = elastic strain energy of matrix and 

precipitate; 
AGdisl = released part of dislocation-line energy; 

and 
AGin t = interaction energy of precipitate/matrix 

and dislocation stress fields. 

Two extremes can be considered: [27J incoherent t2~ 
and coherent/29"3~ precipitates of various shapes. In the 
following, the Gibbs free energy change for precipitation 
of A1N on dislocations will be calculated semi- 
quantitatively for incoherent, hexagonal A1N and coher- 
ent, cubic A1N. 

A. Incoherent Precipitation 

The formation of a cylindrical, elastically isotropic 
precipitate of  radius r around the dislocation line in an 
elastically isotropic matrix is considered. Unlike as in 
the original article, tzSj here the occurrence of a distinct 
misfit-strain energy is accounted for; the interaction 
energy is ignored (which is fully justified for precipita- 
tion on screw dislocationst31J). The formation of the in- 
coherent precipitate releases all the elastic energy 
initially stored in the volume it occupies, i.e., the dis- 
location energy within the precipitate volume is com- 
pletely relaxed. The energy change AG per unit length 
of dislocation line then becomes (cf. Eq. [10]) 

AG = 7rP(AGch~m + AGstrain) 

+ 2~'ryia~oh -- A ln(r/r~or~) [11] 

where AGcuem and AG~t~,i, (for the incoherent precipitate) 
hold per unit volume of precipitate; Yi,r is the inter- 
facial energy per unit surface; and A equals GbZ/ 
[47r(1 - u)] for edge dislocations and GbZ/47r for screw 
dislocations, with G and u as shear modulus and 
Poission's constant of the matrix, respectively, and b as 
the length of the Burgers vector (r~o~ is the radius of the 
dislocation core, say r~o~ ~ 0.1 nmt3Zl). 

The value of the radius of the critical nucleus, r~l, is 
calculated from d ( A G ) / d r  = 0. The result is (cf. 
References 15 and 28) 

,/ 1 1 2.4 
* = [12a] 

roisl 2 to* + 2 (r*)2 + 7T(AGchem + AGst~i~) 

with 

r* = - 7 incoh [ 12b] 
(AGch~m + AGstrai.) 

The factor r~' represents the radius of the critical nucleus 
for homogeneous precipitation in the matrix. Since A > 
0 and (AGchem + AGstrai.) < 0, r*~l < r*. From Eqs. [12a] 
and [12b], it follows that if 

(AGchem + AGstrain ) < --"JT~incoh/2A [12c] 

then r~isl  has no finite real value, and an activation- 
energy barrier for precipitation on the dislocation, 
AGuish does not occur for * rdisl  ~ rcore. F o r  the case of 
precipitation of incoherent, hexagonal AIN, AG~hem is 
given in Table BI. The maximal value of AGs,rai, for a 
cylindrical incoherent precipitate of hexagonal A1N is 
given in Table BIII, which holds if the volume misfit is 
accommodated fully elastically (which is very unlikely; 
see Section V). If the volume misfit is accommodated 
partially plastically, AGst~,in is smaller. As in Section V, 
the minimal estimate for AGstrain is taken as nil. As es- 
timates for the interracial energies, the values obtained 
in Section V are adopted: 2.7 Jm -2 for the maximal 
value of AGstrai~ and 1.4 Jm -2 for AGstrain = 0. NOW 
takingA = Gb2/[47r(1 - u)] With G = 81.6 x 109jm -3, 
b = 0 . 2 5  X 10 .9  m ,  and u = 0 . 2 8 ,  [331 it then follows 
that the criterion [12c] is always satisfied, i.e., an 
activation-energy barrier for nucleation does not occur. 
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B. Coherent Precipitation 

The formation of a coherent precipitate in general does 
not lead to a release of all the elastic energy, as 
dislocation-line energy, initially stored in the volume it 
occupies (if the elastic constants of both matrix and pre- 
cipitate are equal and both matrix and precipitate are 
elastically isotropic, even nothing of this energy will be 
liberated: AGd~l = 0). However, the interaction energy 
of  the precipitate/matrix and dislocation stress fields can 
favor precipitation around or along dislocations. AGint 
can be made negative by proper positioning of the pre- 
cipitate: this implies that the precipitate should develop 
in the compressive part or the tensile part of the strain 
field surrounding an edge dislocation, depending on the 
volume misfit between precipitate and matrix being neg- 
ative or positive. For the case of precipitation of a cy- 
lindrical, elastically isotropic precipitate of radius r 
along an edge dislocation in the elastically isotropic 
matrix, with equal elastic constants for matrix and pre- 
cipitate, it then follows for the energy change AG per 
unit length of dislocation (cf. Eq. [10]): 

AG = q/'r2(mGchcm + AGstrain ) + 27rrycoh - BTrr [13] 

where AGchem and AG~t~i. (for the coherent precipitate) 
hold per unit volume o f  precipitate and Y~oh is the inter- 
facial energy per unit surface. The term B~rr denotes the 
combined effects of -AGdi~l and AGin t (for the case con- 
sidered, AGa~I = 0). If the cylindrical precipitate is tan- 
gent to the dislocation line, the cylinder axis is in the 
plane defined by the half-plane of the edge dislocation 
considered, and the precipitate is either on the compres- 
sive side for e < 0 or on the tensile side for e > 0 (where 
e is the linear misfit parameter, as described in 
Appendix B), then B is given by (cf. References 27 and 
29): 

Gb ( l + v )  
B . . . . .  let [14] 

~- ( l - v )  

The value of the radius of the critical nucleus, r*sh cor- 
responding to a maximum in the curve of AG vs r, thus 
satisfies 

with 

B 
* = r* + [15a] rdisl 

2(AGchem + mGstrain) 

'Ycoh 
r *  = - [15b]  

(AGchem + AG~tr~in) 

where r0* represents the radius of the critical nucleus for 
homogeneous precipitation. Precipitation of hexagonal 
A1N in a coherent fashion is very unlikely. For coherent 
cubic A1N it follows that since B > 0 and (AGchem + 
AGstr~i.) < 0 (an assessment of AGchcm is given earlier in 
this section; for AGstrain, see Table Bill), r*~j < r*. From 
Eqs. [15a] and [15b], it can further be concluded that if 

B > 2y~oh [15c] 

then an r*~l does not exist and an activation-energy bar- 
rier for precipitation does not occur. 

Taking B as in Eq. [14] with G, b, and v as in 

Section A, it is calculated from the previous criterion 
that 7cob should be smaller than 0.7 Jm -2. This condition 
is easily met in practice for coherent interfaces.1261 Thus, 
it is conceivable that coherent nucleation of fcc AIN on 
dislocations takes place without an activation-energy 
barrier. 

For the energy models for precipitation of both in- 
coherent, hexagonal A1N and coherent, cubic A1N, ac- 
cording to Eqs. [11] and [13], respectively, the Gibbs 
free energy change can be calculated as a function of  
precipitate radius r. The results are shown in Figure 8. 
Although the calculations for incoherent, hexagonal AIN 
indicate that no activation-energy barrier exists for a nu- 
cleation of  precipitate with a radius larger than the radius 
of the core of the dislocation, it should be concluded 
that, from the observation that AG > 0 for small r 
(>rcore) and the realization that AG = 0 for r = 0, the 
nucleation of incoherent, hexagonal AIN in fact has to 
be associated with an activation-energy barrier (see 
dashed lines in Figure 8(a) for r < rcor~), albeit experi- 
enced at a very small particle size. 
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Fig. 8 - - T h e  total Gibbs free energy change, AG, vs the radius of  a 
cylindrical incoherent, hexagonal,  or coherent, cubic A1N precipitate, 
r, calculated for the case of precipitation on/a long a dislocation line 
in cold-rolled Fe-2 at. pet A1 specimens at 833 K: (a) AG per particle 
and per unit length o f  dislocation and (b) AG per mole o f  the particle. 
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Clearly, in the beginning of  precipitation, the precip- 
itation of coherent, cubic AIN (AG < 0 for all precipitate 
radii) is favored over precipitation of incoherent, hex- 
agonal A1N (AG > 0 for small precipitate radii). This is 
consistent with the actual observation of fcc A1N pre- 
cipitates in nitrided cold-rolled Fe-A1 alloys. [34] The cal- 
culations suggest that at more advanced stages of 
precipitation/particle growth, the incoherent, hexagonal 
mode becomes energetically more stable than the co- 
herent, cubic mode (Figure 8). A precise prediction of 
this stage, in terms of the particle size at which the in- 
coherent, hexagonal form becomes preferred, cannot be 
made on the basis of the current assessment: the models 
and calculations are approximate (in particular, the es- 
timation of AGchem for cubic A1N, performed in 
Section V, is likely to be subject to large uncertainty). 
Further, if the transition from the cubic to the hexagonal 
mode actually takes place for the precipitate size pre- 
dicted, it is also determined by kinetic factors: the re- 
arrangement of AI and N atoms required may be 
associated with one or more (additional) activation- 
energy barriers. 

The specific Gibbs free energy changes on precipita- 
tion in the recrystallized and cold-rolled specimens 
cannot be compared directly from Figures 7(a) and 8(a), 
where the energy change per particle formed is shown 
as a function of particle size. Therefore, the Gibbs free 
energy changes are shown per mole precipitate formed 
in Figures 7(b) and 8(b). It is clear that only for small 
precipitate size, as in the beginning of precipitation, the 
effect of the presence of dislocations is pronounced; for 
advanced stages of particle growth, the chemical and 
misfit-strain contributions obviously govern the Gibbs 
free energy change for formation of A1N. 

VII. CONCLUSIONS 

The kinetics of precipitation of aluminum nitride in 
recrystallized and cold-rolled Fe-2 at. pct A1 alloy differ 
vastly. 

A. Recrystall&ed Specimens 

1. The precipitation of A1N is rate controlled by both 
nucleation and growth (the maximal nitride- 
precipitation rate occurs for a progressed stage of 
nitriding). 

2. In terms of Johnson-Mehl-Avrami kinetics, the ac- 
tivation energy for the nitriding process is 859 -+ 
20 kJ mole -l.  

3. A significant Gibbs free energy barrier is observed 
for the formation of a nucleus of A1N of critical size: 
(61 + 4) • 10 -20 J per nucleus = 369 --- 26 kJ 
mole-l; i.e., it is of the same order of magnitude as 
the negative of the chemical Gibbs free energy of ni- 
tride formation. 

4. Considering chemical, interfacial, and precipitate 
strain-field contributions to the total change in Gibbs 
free energy on precipitation, it follows that precipi- 
tation of incoherent, hexagonal A1N is favored over 
precipitation of coherent, cubic A1N. 

B. 

1. 

. 

. 

4. 

Cold-Rolled Specimens 

The precipitation of A1N is rate controlled by growth 
(the maximal nitride-precipitation rate occurs at the 
beginning of nitriding). 
In terms of Johnson-Mehl-Avrami kinetics, the total 
activation energy for the nitriding process is 282 --- 
10 kJ mole -1. It follows that volume diffusion of alu- 
minum in the a-Fe matrix provides the nitriding rate- 
determining step. 
A Gibbs free energy barrier for the formation of a 
nucleus of A1N of critical size does not occur. 
Considering chemical, interfacial, and precipitate 
and dislocation strain-field contributions to the 
total change in Gibbs free energy on precipitation 
on/along a dislocation, it follows that the precipita- 
tion of coherent, cubic A1N is favored over precipi- 
tation of incoherent, hexagonal A1N, at least in the 
beginning of the precipitation process. It is conceiv- 
able that for advanced stages of  particle growth, the 
incoherent, hexagonal variant of A1N precipitate is 
more stable energetically. 

APPENDIX A 

Correction applied to mass-increase (TGA) curve 

In the thermobalance used in the present experiments 
(DuPont TGA 951), the ferromagnetic specimen is 
heated by an alternating current (AC) coil. The coil is 
not compensated, and a net electromagnetic field results. 
On heating up of a ferromagnetic specimen to the an- 
nealing temperature of an isothermally conducted ex- 
periment the induction effect generated by the 
electromagnetic field leads to a force exerted on the 
specimen. As a consequence, the balancing specimen 
can take a slightly different position with respect to the 
mass detection device, and a different mass value is 
read. The mass may shift to an apparently negative 
value, supposing mass -- 0 corresponds to the mass 
reading before heating up. Therefore, the mass increase 

A TeA is set equal recorded at the end of the treatment, amtot , 
to the value obtained according to a separate weighing 
experiment employing a mechanical Mettler balance 
(with an accuracy of 1 /xg), " Mett ~ m t o  t . Hence, 

m Mett t ,  TeA [A1 ] 
m t o  t = ~ m t o  t 

and 

m~GA = T~A . Me,t [A2] 
m t o  t - -  ~ m t o  t 

TGA �9 where mtot is the mass reading of  the TGA apparatus 
at the end of the treatment and m,T20 g is the deduced mass 
reading according to the TGA experiment at the begin- 
ning of the isothermal annealing. Then, the mass in- 
crease at time t, (Amt)', according to the scale of TGA 
apparatus, reads 

(Am3' m TGA TGA = m T G A  TGA A Mett [A3] 
= - -  m r =  o - -  m t o  t + ~ m t o  t 

where m TGA denotes the mass reading at time t of the 
TGA apparatus. 

Although the procedure corresponding to Eq. [A3] 
was employed, it was found that the mass increase cor- 
responding with the first plateau in the TGA curves of  
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the recrystallized specimens (Figure 2 and Section III), 
(Amt)flrst plat . . . .  did not comply with the solid solubility of 
nitrogen in a-Fe, in contrast with what was expected 
(Appendix A of Reference 5). This effect is ascribed to 
(electronic) drift. This led to a (second) correction ap- 
plied to the TGA data of the recrystallized specimens. 

To verify that the first plateau in the TGA curve re- 
corded for the recrystallized specimens indicates the ni- 
trogen uptake to realize the nitrogen solubility of the 
ferrite matrix, a few additional experiments were carried 
out. A specimen was heated up to the nitriding temper- 
ature in an H2 gas flow. After a constant reading for the 
mass was established,* the desired nitriding potential 

*Stabilizing of the nitriding temperature (indicated by a constant 
value read for the mass) took about 25 minutes. 

was imposed by replacing the 1-12 flow by a NH3/H2 flow 
of the selected composition. After about 3 hours of ni- 
triding, the experiment was stopped (the first plateau in 
the TGA curves was reached after about 1 hour in all 
experiments and 3 hours of nitriding was always smaller 
than the time after which distinct precipitation occurred; 
the mass increase was determined by applying a Mettler 
microbalance (with an accuracy of 1 /zg). This experi- 
ment was performed at two different nitriding tempera- 
tures (818 and 833 K). The results on the nitrogen 
solubility in a-Fe, [NL-Fe, thus obtained experimentally 
and calculated from the data in Reference 3 are gathered 
in Table AI. The experimentally determined data for 
[N],-Fe agree well with the predicted ones, within ex- 
perimental accuracy. 

Then, for all experiments performed with the re- 
crystallized specimens, the mass readings by the TGA 
apparatus have to be adapted such that the first plateau 
corresponds with the mass increase for realization of ni- 
trogen saturation of matrix, Am~.Fe. The first step of this 
correction is a shift of the (Am~)' scale to a (Am~)'l scale 
with (Amt)'l = (Am,)' - (Am,)~lrst plateau" Hence, (Am~)'t = 
0 indicates the nitrogen uptake corresponding with the 
first plateau in mass increase due to nitrogen solubility 
in a-Fe. Then, the unit of  the mass scale is changed by 
multiplication with A1 according to 

( A m  Mett Am 
= ~ tot - a-Fe [ [ A 4 ]  

A1 [AmtoMt ~tt -- (Amt)~r~t plat~aJ 

This leads to a mass scale (Am,)~ given by (Am~)~ = 
A1-(Am/)'l. Now, the (Amt)~ data < 0 are ignored, and 
a shift of the (Am~)~ scale to the Am, scale with Amt = 
(Amt)~ + Am,_F~ is realized. This implies that Amtot is 

. Mett Summarizing, equal to ~mto t . 

Amt = [ - A I "  (Amt)hrst plateau q- Am~_Fe] 

+ A1 �9 (Am,)' [A5] 

A P P E N D I X  B 

Chemical and misfit-strain Gibbs free energy 
contributions on precipitation of AIN 

1. Chemical Gibbs Free Energy for the Formation 
of  AIN in a-Fe 

The precipitation of A1N from aluminum and nitrogen 
dissolved in ferrite (a-Fe), denoted by A1. and N~, re- 
spectively, can be written as 

AI~ + N. ~ A1N~ [B1] 

The chemical Gibbs free energy change on precipi- 
tation of one mole A1N, indicated with AGchem, c a n  be 
given as 

AGchem 0 o o = G(AIN),, - -  GA L --  GN~ + RT In a(AIN)~ 

- RT In aAl~ -- RT In aNo [B2] 

where the superscript 0 refers to the standard state for 
the compound/element concerned and the activities, a, 
are defined with respect to the corresponding standard 
states. 

If the pure compound/pure elements are adopted as 
standard states, and thus, G~AIN)o = 0 GAIN, a(AiN)~ --  1, 
G~176 = G~ (A1 = solid A1), and G~176 = (1/2)G~ (N2 = 
N2 gas), it follows that 

1 
AGflN ~ GOAIN -- G ~  --  2 G~ 

o - G~ - G~ [B3I : G(AIN). 

with AG/alN as the so-called Gibbs free energy of for- 
mation of A1N (from the pure elements). Note that the 
G o terms and, thus, AG/AI~ depend on temperature. 

If the solution of Al in a-Fe is diluted, implying that 
the atomic fraction XAI, ~ l ,  the regular solution model 
may be applied and the activity aAl" approximately 
obeys:t26~ 

RT In aAi ~ = RT In XAI ~ -~- ~-~Al/Fe [B4] 

with f~gl/F~ as the interaction parameter that is related to 
the heat of  mixing (Al dissolving in o~-Fe), AHA~r ac- 
cording to 

/~L/Al---~Ve = XAI" * (1 - XAI.)" ~'~Al/Fe ~ X A l a  ~ ~'~A1/Fe [B5] 

If nitriding is performed in a NH3/H2 gas mixture, the 
activity aN. is related to the equilibrium 

3 
NH3 --~ N~ + ~ H2 [B6] 

according to 

3 ~ ,  PNH3 
R T I n a N ~ = G ~ 1 7 6 1 7 6  [a7] 

PH2 

Table  AI.  Mass  Data for Recrysta l l ized Fe-2 At. Pct AI Spec imens  o f  Initial Mass  m0* 

T m0 Arn~X-pe rNlexp A m  th th - t l~-Fe a-Fe [Nla-Fe 
(K) (mg) (rag) (Atoms N/1OO Atoms Fe) (mg) (Atoms N/t00 Atoms Fe) 

818 88.055 0.027 0.12 0.024 0.11 
833 104.597 0.034 0.13 0.033 0.13 

* exp Am,_F~ and [N]~% indicate the experimentally determined (Mettler balance) nitrogen solubility of the matrix as obtained from the first plateau 
(Figure 2); Am~_Fe and [N]~,F, indicate the corresponding predicted value using data from Reference 3. 
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Table BI. The Chemical Gibbs Free Energy for Formation of Hexagonal AIN in t~-Fe, --'-'che.,Ar-A~N'h~* 

AIN-hex 
Temperature AGfIN RT In aAi ~ RT In aN, , AGchem 

(K) (kJ mole ]) (kJ mole -I) (kJ mole - j)  (kJ mole J) (J m -3 • 10 j~ 

803 -232  35 22 -289  - 2 . 3 0  
818 --230 34 23 -287  - 2 . 2 9  
833 --229 34 25 --288 2.29 
843 --227 34 26 --287 2.28 
848 -227  34 26 -287  - 2 . 2 8  
853 --226 33 27 -286  - 2 . 2 8  
858 --226 33 27 --286 2.28 

*AG~)N is the Gibbs free energy for formation of AIN from the pure elements; aA~,, and as, are the activities of AI and N dissolved in a-Fe 
before AIN precipitation, respectively; R is the gas constant; and T is the absolute temperature. 

Table BII. Data Used for Calculation of the Misfit-Strain Energy for Formation of AIN in t~-Fe, AGstrain 

a-Fe A1N-hex AIN-cubic 

Lattice parameter (nm) a = 0.286641411 a = 0.31111231 a = 0.4071241 
c = 0.49781231 

7.091 x 10 -6 12.563 • 10 -6 10.150 x 10 6 
0.21 0.13 

0.281331 
81.61331 

158 

Molar volume, V (m 3 mole -I) 
Misfit parameter, e* 
Poisson's constant, v 
Shear modulus, G (GPa) 
Bulk modulus, K (GPa) 
C* 

198"* 202** 
0.65 0.65 

*Using relations in Appendix B, Section 2-A. 
**Using elastic constants from Reference 39 and Eq. [B 10]. 

Table B i l l .  The Misfit-Strain Energy for Formation of AIN in te-Fe, AGstrai,, 

Incoherent, Hexagonal AIN 
(Eq. [B9]) 

Sphere Cylinder 

Coherent, Cubic AIN 
(Eq. [B 1 ! ]) 

(kJ mole -I) (J m -3 • 10 j~ (kJ mole -I) (J m 3 • 10J0) (kJ mole -I) (J m 3 • 1010) 

176 1.40 132 ! .05 50 0.49 

The standard state for N~ has been taken such that 
G~ = 1 /2  G~ Thus,  it fo l lows (see Reference 35) that 

AG~H~ o 3 1 
G NH3 --  2 GO2 --  2 GO2 

3 
= G~ -- 2 GO -̀ -- GO ,̀ [B8] 

Note that AGfNH3, the Gibbs  free energy change for for- 
mat ion o f  NH3 from N2 and H2, is temperature  
dependent .  

Values for AGf)N and AGfH~ are taken from li terature 
sources.  135,361 A value for  I-IA~/Fe is obtained by  adopt ing 
the one pertaining to d isso lv ing  liquid Al  in l iquid Fe as 
der ived from the cor responding  heat o f  dissolut ion (data 
from Reference 37). Obv ious ly ,  XA), PNH3, and PN2 are 
taken as appl ied  in the ni tr iding exper iment  (Sect ion II). 
A summary  o f  numerica l  data and contr ibut ions to 
AGchem (Eq. [B2]) is g iven in Table  BI.  

The result ing values for AGchem for precipi ta t ion of  
hexagonal  AIN are gathered in Table  BI (only for  hex- 
agonal  AIN li terature values for AG/AIN exist;  for  cubic 
AIN,  a value o f  AGchem is es t imated in Sect ion V); for 
the temperature  range cons idered ,  there is only  a very 
minor  temperature  dependence  o f  AGch~m. 

2. Misfit-Strain Energy for the Formation of AIN 
in a-Fe 

A. Incoherent precipitation 

The misf i t -s t rain energy in the precipi ta te  (B) /ma t r ix  
(A) assembly  for an incoherent  precipi ta te  can be given 
per mole  precipi ta te  by 1~SI 

m(~rinc~ - - - -  6-  GA" C" E 2. Vg" E(y/R) [B9] vstram 

with 

3 R ,  
c - v ,  = (1 + c ~ )  3. 

(3K8 + 4GA)' 

where Ga is the shear modulus  o f  the matrix;  V~a and 
l/~ are the molar  volumes o f  the matr ix  and precipi ta te  
in the unstrained state, respect ively;  Ks is the bulk mod-  
ulus o f  the precipi ta te ,  and E(y/R) is a shape factor  (for 
the part icle  taken as an e l l ipsoid  with y and R as its semi-  
axes).  For  incompress ib le  precipi ta tes ,  E(y/R) = 1 for 
a sphere and E(y/R) = 3 / 4  for a cyl inder ,  m] 
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Hexagonal A1N can be considered as an elastically 
isotropic material. This follows from the single-crystal 
elastic constants of hexagonal A1N t39] applied to the 
elastical isotropy condition (refer to Table 9 at p. 140 
from Reference 40). For elastically isotropic material 
(and always for material of cubic crystal symmetry), the 
bulk modulus of elasticity is given by t4~ 

1 
K = ~ (ctt + 2C12) [B10] 

where c~ and Cl2 are elastic stiffnesses. The bulk mod- 
ulus of hexagonal A1N thus calculated is given in 
Table BII. 

The misfit-strain energy for formation of hexagonal, 
incoherent A1N in t~-Fe was calculated for spherical and 
cylindrical precipitates using Eq. [B9] and the data in 
Table BII, thereby adopting as estimates for the shape 
factor E(y/R) the data from Reference 38; the results are 
shown in Table Bill. 

B. Coherent precipitation 

The misfit-strain energy in the precipitate/matrix as- 
sembly for a coherent precipitate can be given per mole 
precipitate by ttS] 

l + v  
A~coh = 2 . G . _ _ . e  2"V8 [Bll]  

~ s t r a l n  
1 - - v  

with v as the Poisson constant and where the elastic con- 
stants of precipitate and matrix have been taken equal 
(note that for the initial, coherent stage of a precipitation 
process, the elastic constants for the minute precipitates 
can differ largely from their bulk values). This result is 
independent of the shape of the precipitate. 

The misfit-strain energy for formation of cubic, co- 
herent A1N in a-Fe was calculated using Eq. [B11] and 
the data in Table BII; the result is shown in Table BIII. 
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