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High-temperature creep was investigated in an A1-3 wt pct Cu alloy at temperatures in the range of 
773 to 853 K and at a normalized shear stress range extending from 10 5 to 7 x 10 -4. The results show 
the presence of three distinct regions. In region I (low stresses), the stress exponent is 4.5 and the 
activation energy is 155 kJ/mole. In region II (intermediate stresses), the stress exponent is 3.2 and 
the activation energy is 151 kJ/mole.  In region III (high stresses), the stress exponent is 4.5 and the 
activation energy is 205 kJ/mole. Creep curves obtained in the three regions exhibit a normal primary 
stage, but the extent of the stage is less pronounced in region II than in regions I and III. The creep 
characteristics in regions I and II, along with the values of the transition stresses between the two 
regions, are in conformity with the prediction of the deformation criterion for solid-solution alloys. 
While the advent of region III (high stresses) correlates well with dislocation breakaway from a 
solute-atom atmosphere, the creep characteristics in this region are not entirely consistent with any of 
the existing high-stress creep mechanisms. The plot of elongation to fracture v s  initial strain rate at 
853 K exhibits two peaks at strain rates of 1 x 10 -4 and 6 x 10 -4 s - l .  The first peak (1 x 10 -4 S - t )  

is attributed to the variation of the stress exponent for creep in the alloy with strain rate, and the second 
peak (6 x 10 -4 s -1) appears to reflect the effect of solute drag on dislocation velocity. 

I. I N T R O D U C T I O N  

I N  creep analysis, the stress dependence of creep rate is 
generally deduced from plotting the steady-state creep rate 
as a function of the applied stress and applying the relation: 

_ 0 l n ~  r [I]  
n 0 1 n r  

where n is the stress exponent measured at constant tem- 
perature, T, ~, is the steady-state shear creep rate, and r is 
the applied shear stress. 

Earlier creep experiments ~-4 revealed the presence of two 
limiting values of the stress exponent, n ,  in solid-solution 
alloys. The upper limiting value is close to 5 and is observed 
in alloys whose creep behavior, like that of pure metals, 
exhibits the characteristics of climb control: 1'2'3 extensive 
primary creep, subgrain formation, and dependence of the 
creep rate on the stacking fault energy of the alloy. The 
lower limiting value is 3 and is noted in alloys whose creep 
behavior exhibits the characteristics of viscous glide con- 
trol:  1'2~3 brief primary creep, random distribution of dis- 
locations, and apparent insensitivity of the creep rate to 
changes in stacking fault energy. 

It was suggested 2-5 that the creep behavior of a solid- 
solution alloy may be controlled by the sequential processes 
of dislocation climb and viscous glide. On the basis of 
this suggestion, it was predicted 2'3'5 that under a favorable 
combination of material parameters (such as the atom mis- 
fit ratio) and experimental variables (such as stress), the 
creep behavior of an alloy would exhibit a transition from 
climb-controlled behavior at low stresses to viscous glide- 
controlled behavior at intermediate stresses. 

Several sets of experimental results 5-1~ that support the 
predicted transition from dislocation climb to viscous glide, 
with increasing stress, are now available. These include 
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(a) a change in the stress exponent for creep in A1-Mg al- 
loys 6'9-n and an A1-21 wt pct Zn alloy ~2 from a value of 4.5 
at low stresses to a value of about 3 at intermediate stresses; 
this change in stress exponent is in agreement with the 
mechanical aspect of the prediction; and (b) a corresponding 
change in the creep substructure of two A1-Mg alloys 9'1~ 
from that typical of dislocation climb (significant tendency 
to form well-developed subgrains) to that typical of viscous 
glide (random distribution of dislocations) with increasing 
stress; this finding is in accordance with the substructural 
aspect of the prediction. 

In addition to providing evidence in support of the 
predicted transition from dislocation climb to viscous glide, 
the experimental  data on AI-Mg alloys II and an A1- 
21 wt pct Zn alloy 12 revealed the presence of another 
transition at high stresses. This transition is manifested by a 
change in stress exponent from about 3 (viscous glide) to 
higher values and has been attributed to dislocation break- 
away from a solute-atom atmosphere. 

The observation that at constant temperature, the stress 
exponent, n, for creep in a solid-solution alloy changes from 
a value of 5 at low stresses to a value of 3 at intermediate 
stresses and then increases again at high stresses leads to the 
following expectation: the ductility data of the alloy, when 
plotted as the elongation to fracture v s  stress or strain rate, 
would exhibit a maximum at intermediate stresses or strain 
rates. This expectation is based on the results of several 
recent analyses 13-17 which demonstrate that ductility, defined 
as the percentage elongation to fracture, is a sensitive 
function of the stress exponent; in general, the lower the 
stress exponent, the higher the ductility of the material. A 
very recent investigation 18 on A1-21 wt pct Zn has shown the 
presence of maximum ductility at intermediate strain rates in 
agreement with the above expectation. 

The purpose of this paper is two-fold: (a) to report the 
data of a detailed investigation conducted, over wide ranges 
of experimental conditions, on the creep behavior and 
ductility of an A1-3 wt pct Cu (Al-l .3 at. pct Cu) solid- 
solution alloy; and (b) to examine these data in the light of 
recent advances made in rationalizing the creep behavior of 
solid-solution alloys. 
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II. EXPERIMENTAL TECHNIQUES 

A1-3 wt pct Cu (equivalent to 1.3 at. pct Cu) was sup- 
plied by Kaiser Aluminum and Chemical Corporation. The 
alloy was prepared from aluminum of 99.99 pct purity and 
copper of 99.99 pct purity. The final material contained 
the following elements in weight percent: 2.97Cu, 0.007Si, 
0.003Fe, 0.001Mg, 0.003Zn, <0.001Mn, <0.001Ti,  and 
the remainder is aluminum. 

Double-shear and tensile specimens of shape and di- 
5,19-21 

mensions described elsewhere were machined from 
the material. Prior to testing, all specimens were annealed 
in situ for 15 hours at 855 K for the dual purpose of re- 
moving the effects of machining and producing a stable, 
uniform grain size. The grain size was measured using a 
procedure that is based on deformation by grain boundary 
sliding and that was adopted very recently in the case of 
Al-Zn alloys; ~z'22 the phase transformation which occurred 
as specimens were cooled made it difficult to adopt standard 
metallographic techniques applied successfully in the case 
of AI-Mg alloys. ~~ This procedure, when repeated, re- 
sulted in a consistent grain size of 3 mm. 

Double-shear experiments were performed either on a 
suitably designed creep-testing machine at constant load or 
on an Instron machine operating at a constant rate of cross- 
head displacement; for the present specimen configuration, 
constant load implies constant stress and constant cross- 
head displacement is equivalent to constant strain rate. The 
procedures of monitoring test temperature and measuring 
creep strain are the same as those described in detail 
elsewhere. 6,8,9,11.12 

On the creep machine, steady-state creep rates were mea- 
sured over a range of stresses from 0.2 MPa to 8 MPa. On 
the Instron machine, steady-state stresses were determined 
over a range of strain rates extending from 2 x 10 -4 s-I to 
10 -1 s -l. These ranges of stresses (creep) and strain rates 
(Instron) were scanned at three different temperatures, 
853 K, 813 K, and 778 K, which fall in the solid-solution 
range; the solid-solution range for A1-3 pct Cu is narrow 
and extends from 740 to 865 K. The use of more than one 
testing temperature in the present investigation serves two 
purposes: (a) to determine the activation energy for creep, 
and (b) to examine transitions in the creep behavior of the 
alloy, if present, as a function of temperature. 

In order to check the values of the activation energy at 
both low and intermediate stresses, where strain rates are 
reasonably slow (+ < 10 -4 s-~), the procedure of tem- 
perature cycling 23 was adopted during creep. In this proce- 
dure, a specimen was subjected to a number of rapid 
changes, during creep, of the order of 15 K while under 
constant stress. The activation energy was then calculated 
after each temperature change from the relation: 

R ln(4/2G7 1T2/~,GT-'T,) 
Q = [2] 

(T2 - T1)/T1T: 

where "~ and 4/_, are the instantaneous creep rates immedi- 
ately before and after the change in temperature from T1 to 
Tz, and G1 and G2 are the corresponding shear moduli. In the 
absence of information on the variation of the shear modulus 
of A1-3 pct Cu, with temperature in the solid-solution 
range, the equation describing the relation between G and T 
for aluminum was used. 

Ductility tests were performed at a constant temperature 
of 853 K. Each tensile specimen was pulled in tension at a 
single rate of cross-head displacement on the Instron testing 
machine. The strain rates quoted therefore refer to initial 
strain rates calculated from the initial gage length. Also, 
ductility tests were conducted on pure aluminum (99.99 pct) 
under similar experimental conditions (homologous tem- 
perature and grain size) to provide a comparison between the 
behavior of A1-3 pct Cu and that of the metal. 

I l I .  EXPERIMENTAL RESULTS 

A. Stress Dependence of the Steady-State Strain Rate 

The dependence of strain rate on stress, under steady-state 
conditions, was investigated by conducting a series of  
double-shear tests at a constant temperature on the creep 
machine and the Instron machine, and by plotting shear 
strain rate, 4/, as a function of shear stress, r, on a loga- 
rithmic scale. Figure 1 depicts this form of plot for three 
different temperatures, 853 K, 813 K, and 773 K. Exam- 
ination of the data of this figure reveals several findings. 
First, there are three regions of deformation: low-stress 
region (region I), intermediate-stress region (region IlL and 
high-stress region (region III). The values of the stress ex- 
ponent, n, in regions I, II, and III are 4.5, 3.2, and 4.5, 
respectively. Second, region II (the intermediate-stress re- 
gion) which exhibits a stress exponent of about 3.2 covers 
an increasing range of measurable shear strain rate with 
decreasing temperature: at T = 853 K, region II covers two 
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and a half orders of magnitude of strain rate whereas at 
T = 773 K, it extends over three orders of magnitude of 
strain rate. Third, while there is a slight decrease in the value 
of the normalized transition shear stress between region I 
(low-stress region) and region II (intermediate-stress region) 
with decreasing temperature, the opposite is true for the case 
of the normalized transition stress between region II and 
region III (high-stress region); with decreasing temperature 
from 853 K to 773 K, ( ' r / G ) i - l l  decreases from 3 x 10 -5 
to 2.7 x 10 -5 whereas ( ' r /G) i i - i l i  increases from 2.1 x 10 -4 
to 3.1 x 10 -4. Finally, there is excellent agreement be- 
tween experimental  data of  creep (applying external 
stresses and measuring steady-state creep rates) and those of 
Instron (imposing strain rates and measuring the steady-state 
stresses) in regions II and III. 

B. Creep Curves 

Typical examples of creep curves obtained in regions I, 
II, and III are presented in Figure 2. Examination of these 
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Fig. 2--Typical plots of shear strain vs time (creep curves) for regions I, 
II, and III. 

creep curves, and others, indicates the presence of two main 
features: (a) a normal primary stage (d+/dt < 0) exists in 
all creep curves of the three regions before steady-state 
creep is reached, and (b) the extent of the primary stage is 
more pronounced in regions I (n = 4.5) and III (n = 4.5) 
than in region II (n = 3.2). 

C. Activation Energy for Creep 

Figure 3 provides two examples for the application of the 
temperature cycling procedure in regions I and II. The re- 
sults of the temperature cycling procedure, when combined 
with the creep data of Figure 1 and plotted in the form of 
logarithmic ~/G"-~T (where n = 3.2 for region II and 
n = 4.5 for region I) as a function of 1/T using stress 
levels of 0.3 MPa and 1.5 MPa for regions I and II,  
respectively, yielded, as shown by Figure 4, two nearly 
parallel straight lines. This indicates that the activation ener- 
gies associated with regions I and II are nearly equal; a least 
square analysis of the data of Figure 4 gave activation en- 
ergies of 155 - 5 kJ/mole and 151 --- 6 kJ/mole for re- 
gions I and II, respectively. 

It was not possible to use the temperature cycling proce- 
dure in region III (high-stress region), basically because the 
creep rates associated with this region are fast. In this case, 
the activation energy was determined from the creep data 
of Figure 1 as 205 kJ/mole. This value of the activation 
energy for creep in region III is considerably higher than 
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those of the activation energies in regions I and II (low and 
intermediate stress regions). 

D. Ductility 

Results of ductility tests at the highest stress of creep 
testing for A1-3 pct Cu are given in Figure 5, in which the 
percentage elongation to fracture, e / pc t  (e = AL/Lo ,  
where AL is the increase in length and L0 is the initial length 
of the specimen), is plotted as a function of initial tensile 
strain rate, ~. Also included in the figure are the ductility 
data for pure aluminum, which were obtained under the 
same experimental conditions of homologous temperature 
(T ~ 0.99 Tin, where Tm is the melting temperature) and 
grain size. 

For AI-3 pct Cu, e s pct increases from = 300 at 10 -5 s 
to a maximum of 355 at 10-4 s 1 exhibits a minimum of 230 
at 3 x 10 -~ s -l, rapidly increases to 285 at 6 • 10 -4 S - I ,  
and finally decreases slowly and continuously to 155 at 
10 ~ s i. By contrast, the value of e s for AI remains essen- 
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Fig. 5 - - S t r a i n  to failure (elongation pct) vs initial strata rate for AI- 
3 wt pct Cu at 853 K and A1 at 923 K. 

tially constant (-~ 150) over the whole range of strain rates 
except the very high strain rates (10 -1 and 10 ~ s -l) where a 
slight decrease in ductility occurs. 

Examination of the tensile specimens after fracture 
reveals two findings: (a) failure occurs by necking over the 
whole range of strain rates, and (b) no significant cavitation, 
even in the vicinity of the fracture tip of the specimen, is 
present; in a few cases, a very small number of randomly 
distributed cavities were seen within the gage length at 
points remote from the fracture tip. 

IV. DISCUSSION 

It was shown that under conditions of steady-state defor- 
mation, the dependence of the normalized creep rate on the 
normalized applied stress at large grain sizes may be repre- 
sented by an expression of the form: 2"24 

~,kT = A("r/G)" [3a] 
DGb 

with 

D = Do exp - Q / R T  [3b] 

where 4/is the shear creep rate. k is Boltzmann's constant, 
T is the absolute temperature, D is the diffusion coefficient 
that characterizes the creep process, G is the shear modulus, 
b is the Burgers vector, A is a dimensionless constant, ~- is 
the applied shear stress, n is the stress exponent, Q is the 
activation energy for the diffusion process that controls the 
creep behavior, and Do is the frequency factor. 

Although the creep behavior of a polycrystalline material 
may, in general, be ascribable to a number of different 
processes, a single deformation process may, under favorable 
experimental conditions, be responsible for the measured 
creep rate, resulting in the presence of a distinct deformation 
region whose characteristics reflect the details of such a 
process. On this basis, the rate-controlling process for a well- 
defined deformation region may be identified by comparing 
experimental results obtained in the region with those pre- 
dicted for various basic processes. 

The present experimental results show the presence of 
three regions of deformation, and it is appropriate to exam- 
ine separately the data of each region in the light of creep 
characteristics established for basic deformation processes 
in solid-solution alloys. 

A. Region I (Low-Stress Region) 

In this region, the stress exponent of 4.5, which is essen- 
tially equal to that reported for pure A1, along with the 
presence of extensive primary creep, is suggestive of the 
dominance of some form of dislocation climb process. ~-3'25 
In addition, although there are no well-documented data on 
diffusion of A1 in AI-3 pct Cu, the experimental activation 
energy of 155 kJ/mole is very close to that reported for 
self-diffusion in A119 (--- 143.4 kJ/mole). 

The creep behavior of A1-3 pct Cu in the low-stress re- 
gion is similar in trend to that reported for A1-Mg alloys 6'9'1~ 
and AI-21 wt pct Zn J2 under comparable experimental 
conditions (homologous temperature, normalized stresses, 
and grain size). Earlier analyses, published elsewhere, 6'9-12 
of the mechanical data on A1-Mg alloys and the A1- 
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21 wt pct Zn solid-solution alloy have led to the conclusion 
that the creep behavior of these alloys at low stresses is also 
controlled by some form of dislocation climb process. More 
importantly, an examination of dislocation substructure* in 

*Because of the phase transformation occurring in A1-3 pct Cu upon 
cooling from test temperature under load, reliable microstructural data for 
the alloy cannot be obtained. 

two A1-Mg alloys 9'~~ following creep at low stresses, where 
a stress exponent of 4.5 was measured, revealed the pres- 
ence of well-developed subgrains, a substructural feature 
which is observed in metals whenever dislocation climb is 
the rate-controlling process. 

In Figure 6, the creep data obtained in region I at various 
stresses and different temperatures (Figure 1) were normal- 
ized in terms of Eq. [31 by plotting (~kT/DGb) against ~'/G 
on a logarithmic scale; Do, Q, and b were taken as 
1.86 cm2/s ,  19 155 kJ /mole ,  and 2.86 • 10 -8 cm,  re- 
spectively. For the purpose of comparison, A1 data obtained 
in previous investigations 26'27 under a similar normalized 
temperature range were also included in Figure 6 and are 
represented by a broken line. As seen in the figure, the 
normalized creep data of A1-3 pct Cu fit a single straight 
line which falls very close to the line representing A1, sug- 
gesting that the stacking fault energy of the alloy, r', may be 
nearly equal to that for A128 (FAI = 200 mJ/m2). This sug- 
gestion is based on the finding of an analysis 29 of the creep 
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data of various fcc metals and solid-solution alloys which 
shows that under the condition of climb control, the normal- 
ized creep rate, ~N( = ~kT/DGb), is related to (F/Gb)3; 
this cubic dependence of the normalized creep rate on the 
normalized stacking fault energy was most recently ratio- 
nalized 3~ in terms of two relations: (a) a second power 
dependence of the climb velocity on F/Gb, and (b) a linear 
power dependence of the mobile dislocation density on 
F/Gb. The stacking fault energy of A1-3 pct Cu inferred 
from Figure 6, by using the relation: (~/N)A1/(4/N) alloy ~-- 
(FAl//I'alloy) 3, is 180 m J / m  z, a value which is comparable to 
those estimated for other dilute A1 alloys, including Al- 
l pct Mg 32 (190 m J / m  2) and A1-2 at. pct Zn 33 (200 mJ/m2). 

B. Region H (Intermediate-Stress Region) 

In this region, which prevails at intermediate stresses, 
viscous-glide creep 34 appears to account for the deformation 
characteristics of A1-3 pct Cu which include: (a) a stress 
exponent of 3.2, (b) a brief primary creep, and (c) an activa- 
tion energy for creep (-~ 151 kJ/mole) which is close to that 
describing the diffusion of Cu in A1 (-~ 138 kJ/mole).  

Viscous glide creep may arise from the operation of five 
viscous drag processes 4 which are related to (a) the segre- 
gation of solute atoms to moving dislocations 35 (the Cottrell- 
Jaswon interaction), (b) the destruction of short range 
order 36 (the Fisher interaction), (c) the chemical interaction 
of solute atoms with extended dislocations 37 (the Suzuki 
interaction), (d) the stress-induced local ordering of solute 
atoms 3s (Snoek ordering), and (e) the antiphase boundary 
interaction 4 in ordered alloys. Most recently, it was shown 
that for a hypothetical alloy in which the above five vis- 
cous drag processes are active, the total creep rate may be 
given by 39 

"Yg = Ac_ J -b Av + As + Ash q'- AAPB G [4] 

where A is an interaction parameter which characterizes the 
particular viscous drag process operating on the dislocations 
during glide, and the subscripts C-J, F, S, Sn, and APB refer 
to the Cottrell-Jaswon interaction, 35 the Fisher interaction, 36 
the Suzuki.interaction, 37 the Snoek interaction, 38 and the 
antiphase boundary (APB) interaction, respectively. The ex- 
pressions of A for the five drag processes were developed 
and are given elsewhere. 39 The development 39 of Eq. [4] is 
based on the assumption that the viscous-drag processes 
arising from the five solute atom-dislocation interactions 
act sequentially; in the limit, the drag process having the 
largest value of A dominates the creep behavior (the slowest 
process). 

For the A1-3 pct Cu solid-solution alloy, AAp B ----- 0, and 
calculations reported elsewhere 39 show that the major force 
retarding the glide of dislocations in dilute A1-Cu alloys 
arises from the Cottrell-Jaswon interaction, 35 i.e., Ac_ J > >  
AF + As + Ash. Under these conditions, Eq. [4] reduces to 

4 3 y~ = 7--G(T/G) [5a] 
~c-~ 

with 

eZcbSG 2 
Ac_j - - -  [5b] 

kTDg 
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where e is the atom misfit parameter, c is the solute concen- 
tration, and D 8 is the diffusion coefficient for the glide 
process. Substituting the value of Ac_j into Eq. [5a] and 
rearranging leads to the following normalized expression: 

4/kT _ 4 (  k r  ']21 
O--~b \e--G-~ l c (ziG)3 [6] 

In Figure 7, the normalized creep rates obtained in 
region II are plotted against the normalized shear stress ac- 
cording to Eq. [3]; Do and Q were taken as 0.647 cm-'/s 4~ 
and 151 kJ/mole, respectively. For the purpose of com- 
parison, the normalized creep rates predicted from Eq. [6] 
are also included in the figure and are represented by three 
lines which correspond to the three testing temperatures. 
The presence of a single line for each test temperature re- 
flects the fact that at constant normalized stress, the normal- 
ized creep rates predicted for viscous glide from Eq. [6] 
depend on temperature; ")kT /DGb a T2/G 2. As shown by 
Figure 7, the normalized experimental data exhibit, despite 
some experimental scatter, a trend similar to that predicted; 
the experimental data fall within a narrow band whose upper 
and lower boundaries correspond to the highest and lowest 
temperatures,* respectively. Although the stress exponent 

*By contrast, the normalized creep data obtained in region I (Figure 6) 
scatter about a single stratght hne. 

measured experimentally in region 1I (n ~ 3.2) is slightly 
larger than the theoretically predicted value of 3 (Eq. [61), 
the agreement between the experimental creep rates and the 
predicted creep rates, as shown by Figure 7, are within a 
factor of 2. The very small difference in the value of the 
stress exponent between theory and experiment may be the 
result of (a) small contributions from other concurrently 
active creep processes, especially dislocation climb, to vis- 
cous glide and/or (b) the presence of an internal stress 4~ 
during viscous glide in solid solution alloys. 
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C. The Transition from Region I to Region H 

Recently, a deformation criterion 6"39 which accounts for 
the creep behavior of a particular solid-solution alloy, 
whether climb-controlled behavior or glide-controlled 
behavior, was developed. In addition, the criterion predicts 
that the two limiting stress exponents of 5 and 3 may be 
observed in a single alloy at low and intermediate stresses, 
respectively, provided that the following condition 39 is 
satisfied: 

Deb-~-~ A = B \Gb} Dg G , [71 

where ~A is the sum of the values of the interaction parame- 
ters for various concurrently active viscous drag processes, 
B is a dimensionless constant, Dc is the diffusion coefficient 
for the climb process, and (r/G), is the normalized transi- 
tion stress. Under the condition that the force acting on 
dislocations during glide arises mainly from the Cottrell- 
Jaswon interaction, Eq. [7] can be written in the follow- 
ing form: 

~ f  = B \Gb] \ D J \ G / ~  [81 

In Figure 8, Eq. [8] is depicted graphically by plotting 
(kT/ec J'~-Gb3) ~- vs (F/Gb )3(Dc/Ds)(r/G)2 on a logarithmic 
scale. On this form of plot, Eq. [8] is represented by a solid 
line at 45 deg; the position of the line was determined pre- 
viously using the creep data of A1-3 pet Mg. 6 

To provide a direct comparison between the prediction of 
Eq. [8] and experimental results, the stress range covering 
both region I and region II along with the transition point 
for each testing temperature was superimposed on Figure 8 
using the following values: 
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__ / / / / / ' -  

/ 1 l i 0.1 I /1 
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Fig. 8 - - T h e  ghde-climb cnterlon represented by logarithmically plotting 
[kT /ec ~'2Gb ~]2 vs (F/Gb )3 Dc /Dg ('r /G f'. The position of the botmda~ 
at 45 deg is determined from the data on AI-3 pet Mg. ~ L0 Experimental 
transition points between regions I and II (taken from Fig. 1), along with 
horizontal lines representing the square of the stress ranges used in 
covenng these two regions, are shown for AI-3 wt pet Cu at three different 
temperatures. 
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e = 0.14242 
c = 0.013 
F = 180 mJ/m 2 (present investigation) 

D~ = 1.86 exp ( - 1 5 5 / R T )  
and 

Dg = 0.647 exp ( - 1 5 1 / R T )  
The experimental transition points as plotted in Figure 8 

not only describe a trend that is consistent with the direction 
of the boundary between the two types of creep behavior but 
also are in good agreement with its position; the separation 
is only a factor of 2. 

Present calculations indicate that D~/D e is essentially 
constant over the temperature range used in the investi- 
gation; the ratio between Dc/Dg at 853 K and that at 773 K 
is 1.05. Also, several arguments, reported elsewhere, 22'28 
are suggestive of the insensitivity of F/Gb to temperature 
variation. Consideration of the equation representing the 
deformation criterion of solid-solution alloys (Eq. [8]) along 
with the information regarding lack of dependence of both 
Dc/Dg and F/Gb on temperature leads to the following 
prediction: the normalized transition stress between region I 
(climb) and region II (glide) would decrease with decreasing 
test temperature from 853 K to 773 K. Experimental re- 
sults, as shown in Figure 1 and described in Section III-A, 
are in conformity with this prediction.* 

*According to Eq. [8]. a decrease in temperature from 853 K to 773 K 
would result in a decrease m (D,/D~) (r/G)~ by a factor of 1.4, which 
cannot be solely accounted for by the very' small decrease in D,/D~ with 
decreasing temperature. 

D. Region II1 

The experimental results in this region, which prevail at 
high stresses, show three characteristics: (a) the stress ex- 
ponent is higher than that of region II but is close to that of 
region 1; at 773 K, where region Ill covers almost two or- 
ders of magnitude of creep rate, n = 4.5, (b) the creep 
curve exhibits an extensive primary stage, and (c) the activa- 
tion energy is considerably higher than those representing 
self diffusion in A1 (144 kJ/mole) and diffusion of Cu in AI 
(138 kJ/mole). 

The above three characteristics, especially that regarding 
the activation energy for creep, resemble those reported for 
A1-21 pet Zn under similar experimental conditions; the ac- 
tivation energy reported for AI-21 wt pct Zn at high stresses 
(-~ 165 kJ/mole) is higher than those estimated for dif- 
fusion of A1 and Zn in the alloy (115 and 122 kJ/mole, 
respectively). 

The creep behavior of A1-3 pet Cu in region III, as man- 
ifested by the above three characteristics, is not entirely 
consistent with any of the deformation processes suggested 
recently to explain the creep behavior of metals and solid- 
solution alloys at high stresses. First, while the value of 
the stress exponent and the nature of the creep curve in 
region III are compatible with some form of dislocation 
climb process controlled by lattice diffusion, 11'43 the high 
value of the activation energy for creep (higher than that 
for lattice diffusion) appears to preclude the operation of 
such a process. Second, the value of the stress exponent in 
region III can be explained in terms of a viscous drag pro- 
cess 44 in which the stress dependence of dislocation density 
is stronger than that reported for solid-solution alloys at 

intermediate stresses (dislocation density c~ ~.2), but the pres- 
ence of extensive primary in the creep curve and the obser- 
vation of high activation energy are not expected under the 
condition of viscous glide control. Finally, the high value of 
the activation energy for creep in region III tends to rule out 
the possibility of the operation of any deformation process 
that is controlled by pipe diffusion 45 (whether climb or vis- 
cous glide). 

It is clear from the preceding discussion that the creep 
behavior at high stresses is controlled by an unknown pro- 
cess and that more work is needed to identify the origin of 
this process. 

E. The Transition from Region H to Region 111 

The transition in the creep behavior of A1-3 pet Cu from 
region II (n -~ 3.2) to region III (n > 3.2) was reported for 
a number of alloys, whose creep behavior at intermediate 
stresses, like that of the present alloy, exhibit the character- 
istics of viscous glide. Earlier analyses 12'46 of the creep data 
of those alloys suggested that excellent agreement exists 
between the experimental values of the transition stresses 
and those of critical stresses required for the breakaway of 
dislocations from solute-atom atmospheres; the critical nor- 
malized stress as a function of temperature is given by 46 

"c/G = 0.05 ce2Gb3/kT [9] 

The consistency between the prediction of Eq. [9] and the 
present experimental data is demonstrated by two points: 
(a) the values of the normalized experimental transition 
stresses, when plotted against ce2Gb3/kT on a logarithmic 
scale in Figure 9, fall very close to the solid line repre- 
senting Eq. [9]; for the purpose of comparison, data on 
other solid-solution alloys are also included in the figure, 
and (b) according to Figure 1, the normalized experimental 
transition stress between region I1 and region Ili increases 
with decreasing temperature (Section I l l-A),  a finding 
which is predicted by Eq. [9] (~'/G a G/T). In addition, the 
prediction of Eq. [91 ((r/G)H_m ~ G/T) along with the im- 
plication of Eq. [8] ((T/G)~_H ~ T2/G 2) accounts for the 
observation made in Section III-A that region 11 (viscous- 
glide control) covers an increasing range of measurable 
shear strain rates (or stresses) with decreasing temperature. 

The good agreement between the prediction of Eq. [9] 
and experimental data regarding the transition from re- 
gion II to region iii provides additional evidence that 

10 -1 

10-2 ~ �9 ~ " ~ A I - 1  1M 9 I.- 
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~ ~ ]  ~-;,ss. / 
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lo - "  I I l ~ I L 
10 s 10-4 10-3 

"r/G 
Fig. 9 - -Corre la t ion  between the condition of the breakaway of dis- 
locations from solute-atom atmospheres (Eq. [9]) and experimental data of 
solid-solution alloys including AI-3 wt pet Cu (1.3 at. pet Cu). The com- 
positions of the alloys are given in atomic percent. 
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region III (high-stress region) is not controlled by any form 
of viscous glide process. 

F. Ductility as a Function of  Strain Rate 

Ductility, defined as the percentage of elongation to frac- 
ture, is a sensitive function of the stress exponent for creep. 
The dependence of ductility on the stress exponent may be 
expressed in this form ~5 

[ c l l x l 0 0  [10] e p c t =  exp n 

where c = In 400/n. 
The data of Figure 1 show that at 853 K, the stress expo- 

nent increases from a value of 4.5 at low stresses (low-strain 
rates), to a value of 3.2 at intermediate stresses (inter- 
mediate strain rates), and then increases again. By contrast, 
the stress exponent reported for A1 under similar experi- 
mental conditions exhibits a constant value of about 4.5 
over the same range of stresses except at high stresses 
where it increases as a result of the breakdown of the creep 
power law. 

Applying Eq. [ 10] to the above experimental findings on 
AI-3 pct Cu and A1 leads to the following expectations: 
(a) the ductility of A1-3 pct Cu will exhibit a maximum over 
an intermediate strain rate range where the stress exponent 
is 3.2, (b)the value of this maximum will be equal to 
350 pct, and (c) no variation in the ductility of A1 will occur 
over the whole range of strain rates except at the very high 
rates where ductility will begin to decrease. While the elon- 
gation data of A1 exhibit a trend which is in agreement with 
expectation (c), the data of A1-3 pct Cu show the presence 
of two peaks and not a single peak as expected. These 
two peaks occur at tensile strain rates of 10 -4 S - l  and 6 x 
10 -4 S -1, respectively. 

Of these two peaks in the ductility curve of A1-3 pct Cu, 
the one at k = 10 -4 s -l (equivalent to 4 /=  1.5 x 10 -4 s - ] )  

appears most likely to reflect the variation in the stress 
exponent for creep in the alloy for three reasons. First, the 
peak occurs at a strain rate which is slightly lower than that 
representing the center of region II (n --~ 3.2). The small 
difference in position between the peak in ductility and the 
center of region II may be attributed, in part, to the fact that 
strain rates of Figure 1 (creep data) represent steady-state 
rates while those of Figure 5 (ductility data) correspond to 
initial rates.* Second, the magnitude of the peak (=  355 pet) 

*It is worth mentioning that a neck. once developed, wd] deform at a 
strain rate which is effectively higher than the remainder of  the gage length. 

is in excellent agreement with the prediction of Eq. [10] 
(=  350 pct) when the value of the stress exponent in 
region II is used (n = 3.2). Third, the second peak occur- 
ring at k = 6 x 10 -4 s -~ (equivalent to 4 /=  9 x 10 -4 s -~) 
is very narrow and cannot, therefore, be associated with 
region II which extends over two orders of magnitude of 
strain-rate. 

The similarity in value between the two stress exponents 
for creep in region I and region III and the absence of 
significant cavitation in deformed specimens should result 
in a symmetrical ductility curve about the center of re- 
gion II. However, as seen in Figure 5, the values of ductility 
at strain rates higher than that representing the peak fall 
rapidly, resulting in an unsymmetrical ductility curve. 

A possible reason which may explain such a trend and 
which may account for the presence of the second peak is 
now offered. 

Consideration of the details of the interaction between 
solute atoms and moving dislocations suggests the presence 
of three domains of behavior, depending on the value of the 
strain rate. In the first domain, strain rates are lower than 
the transition strain rate between region II and region III, 
and solute atoms can diffuse sufficiently rapidly that they 
are able to form atmospheres around the slowly moving 
dislocations. This condition produces viscous glide creep. 
In the third domain, strain rates are higher than the transition 
strain rate and dislocations break away from solute atom 
atmospheres. Under this condition, the creep behavior is not 
controlled by viscous glide but by an unknown process 
having an activation energy higher than that for lattice 
diffusion. In the second domain, strain rates approach the 
value of the transition strain rate, and dislocations in some 
regions of the specimen may, due in part to the presence of 
high stress concentration points which raise the applied 
stress, break away from their solute atmospheres. Once 
breakaway in these regions occurs, dislocations are acceler- 
ated to higher velocities. However, when these fast dis- 
locations are restrained by internal stress fields of other 
dislocations or obstacles, the solute-atom atmosphere forms 
again, and the dislocation reverts to the slow velocity. 
Hence in this region where 4 / ~  4/,, velocity transitions 
occur repeatedly, creating a situation which is essentially 
identical to that responsible for serrated flow in alloys and 
which can lead to a loss in ductility; as reported elsewhere, 47 
the occurrence of serrated flow in materials is accompanied 
by a corresponding decrease in ductility. When this pre- 
dicted loss in ductility is subtracted from the values of 
elongation to fracture in a hypothetical ductility curve 
(Figure 10), the result is a ductility curve that resembles 
the experimental ductility plot (Figure 5) in two ways: the 
presence of a sharp drop in ductility at strain rates slightly 
higher than that representing the peak, and the occurrence 
of the second peak. 

According to the above argument, the presence of a 
second peak in the ductility curve of a solid-solution alloy 
is a consequence of a drop in ductility values at strain rates 

\ \ \ 

~ q  : 0RE AKAWAY VISCOUS GLIDE 
i lNTERMITTEN]~ 

BREAKAWAY 

5, ~t 

Fig. 1 0 - -  Schematic ductd~ty curve for a hypothetical sohd-solution alloy, 
showing the region of a rapid drop m the expected ductility as a result 
of intermittent breakaway of dislocations from a series of consecutive 
solute atmospheres. 
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that are approaching the transition strain rate between re- 
gion II and region III. Because this drop in ductility is ex- 
pected to occur over a very narrow range of strain rates, it 
is quite possible that such a peak may not be observed, or 
may be masked, under the following conditions: (a) the 
deformation region controlled by viscous-glide creep 
(region II) is very small, and/or (b) ductility data are ob- 
tained on an Instron machine by using widely-spaced values 
of strain rates in the domain preceding the transition strain 
rate between region II and region III. 

V. CONCLUSIONS 

1. The creep behavior of A1-3 pct Cu, when studied in the 
solid-solution range, divides into three regions: low- 
stress region (region I), intermediate-stress region 
(region I1), and high-stress region (region III). 

2. In regions I and II, the creep characteristics including the 
stress exponent, the shape of the creep curve, the activa- 
tion energy for creep, and the values of normalized creep 
rates are consistent with dislocation climb and viscous 
glide, respectively. Also, the experimental transition 
stresses between region I and region II agree with those 
predicted from the deformation criterion for solid- 
solution alloys. 

3. The normalized creep data of A1-3 pct Cu in region I, 
when combined with the well-established cubic de- 
pendence of the normalized creep rate on the normalized 
stacking fault energy, F/Gb, results in a value of  
F = 180mJ/m 2. 

4. In region III, the high value of the activation energy 
measured 205 k J/mole rules out the possibility of the 
operation of some form of dislocation climb controlled 
by lattice diffusion. In addition, the close correspondence 
between the advent of region III and dislocation break- 
away from a solute-atom atmosphere, together with the 
observation of high activation energy and extensive pri- 
mary creep in region III, are not compatible with viscous 
glide controlled by either lattice or core diffusion. 

5. Two peaks are present in the ductility curve of Al- 
3 pct Cu. The first peak occurs at an initial strain rate of 
1 x 10 -4 S-I and reflects the variation of the stress ex- 
ponent for creep in the alloy with strain rate. The second 
peak occurs at an initial strain rate of 6 x 10 -4 S-1 and 
may arise from a sharp drop in ductility produced by 
solute drag under the condition of intermittent breakaway 
of dislocations from a series of consecutive solute atmo- 
spheres; this condition prevails over a very narrow do- 
main at strain rates approaching the transition strain 
between region II and region III. 
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