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Corrosion fatigue tests were performed on samples of a high purity AI-Zn-Mg alloy in humid nitrogen 
gas after pre-exposure to either vacuum or humid air. The results of these tests were compared to the 
results of fatigue tests performed in dry nitrogen, used as an inert reference environment, after the 
same pre-exposure treatments. The pre-exposure times were calculated by assuming that bulk diffu- 
sion of hydrogen was the rate limiting process in either hydrogen adsorption or desorption. Water va- 
por in the testing environment resulted in reduced fatigue lives; however, pre-exposure to humid air 
was just as detrimental as water vapor in the test environment. The pre-exposure embrittlement effect 
of humid air was found to be completely reversible when the samples were stored in a vacuum long 
enough to remove hydrogen, assuming a bulk diffusion coefficient of 1 x 10 -13 m2/sec. These results 
confirm the hypothesis that the reduced fatigue lives of AI-Zn-Mg alloys in water vapor is due to 
hydrogen embrittlement. 

I. INTRODUCTION 

ALUMINUM alloys, and in particular the high strength A1- 
Zn-Mg alloys, are susceptible to environmentally assisted 
crack growth. The first mechanistic models developed to ex- 
plain stress corrosion cracking (SCC) of A1-Zn-Mg alloys 
were based on either stress assisted dissolution of the highly 
strained plastic zone at the crack tip or on passive film rup- 
ture and dissolution at active slip steps, t1"2] The localization 
of the crack path to the grain boundaries was thought to be 
due to either segregation of alloying elements or impurities 
to the grain boundaries or to preferential slip in the soft pre- 
cipitate free zones, t1'2] Later, it was proposed that stress cor- 
rosion cracking could be caused by a hydrogen embrittlement 
process resulting from the cathodically evolved hydrogen 
which invariably accompanies the corrosion process on alu- 

[34 5] minum alloys. " Hydrogen gas bubble nucleation and 
growth at grain boundaries has been observed in the transmis- 
sion electron microscope.t6] However, Ford t7'81 demonstrated 
that a calculation of anodic dissolution rates can quantita- 
tively explain the observed crack growth rates, while hy- 
drogen embrittlement, at least by the gas bubble nucleaton 
mechanism of Zapffe and Sims, tgl can not. 

Studies on pre-exposure of A1-Zn-Mg alloys to environ- 
ments containing water and water vapor have shown that the 
alloys are embrittled by exposure to either liquid or vapor 
phase water, t~~ Tests have shown that there is a strong rela- 
tionship between pre-exposure, test environment, strain rate, 
and ductility, t1~ Holroyd and Hardie ]151 tested an A1-Zn- 
Mg alloy [7049] in dry air at varying strain rates after a three 
day pre-exposure to seawater, and found a minimum in duc- 
tility at a strain rate of 1 x 10 -4m/ (m �9 s) .  They attributed 
the minimum in ductility to increasing embrittlement with 
lower strain rates until the rate of hydrogen desorption dur- 
ing testing resulted in the loss of the embrittling species be- 
fore failure, t151 They reported that storage of the samples in 
vaccuum was not effective in restoring the ductility and 
concluded that dislocation motion was required to remove 

hydrogen. I151 Swann et  al.  [16.17] found that pre-exposure to 
moist gases resulted in embrittlement and hydrogen absorp- 
tion as detected by straining in a vacuum chamber equipped 
with a mass spectrometer. 

In contrast to SCC where cracking is virtually always inter- 
granular, transgranular cracking or mixed intergranular and 
transgranular cracking is usually observed for corrosion 
fatigue (CF) of aluminum alloys although the same mecha- 
nisms have been proposed to explain the role of the environ- 
ment in the fracture process, t18-211 To distinguish between 
anodic dissolution and hydrogen embrittlement mechanisms 
in corrosion fatigue, Stoltz and Pelloux t22j studied the effect 
of electrochemical potential on crack growth rates of pre- 
cracked samples of alloy 7075 and concluded that dissolu- 
tion was responsible for the accelerated crack propagation. 
However, in a similar studY240n smooth samples of alloy 

123 2 ] 7075, Jacko and Duquette ' showed that the fatigue lives 
of samples were reduced by the addition of a hydrogen recom- 
bination poison (As) and found that corrosion fatigue was re- 
duced, but not eliminated, in torsional loading (Mode III). 
However, Ford I251 demonstrated that, as in the case for SCC, 
anodic dissolution is quantitatively capable of explaining the 
observed CF crack growth rates in an A1-7 pct Mg alloy. 

Unambiguous distinction between anodic dissolution mech- 
anisms and hydrogen embrittlement mechanisms is difficult 
for aluminum alloys exposed to aqueous solutions. Alu- 
minum is an active metal (E ~ = - 1.71 V~h~) and the Flade 
potential is active with respect to the hydrogen electrode, t26j 
As a result, hydrogen evolution accompanies dissolution 
even during anodic polarization, t26' 27] Also, cathodic polar- 
ization results in the accumulation of hydroxyl ions at the 
surface which attack the passivating film causing dissolu- 
tion of the metal.128-31]. As a result, a test program was devel- 
oped utilizing water vapor and an inert gaseous environment 
(dry nitrogen) to test the hypothesis that hydrogen in solid so- 
lution could accelerate fatigue failure of A1-Zn-Mg alloys. 
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II. THEORY 

The chemical reactions which occur between water and 
aluminum metal to yield hydrous aluminum oxides and/or 
hydroxides can be represented by the following equation: 
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2Al(s) + (3 + X)H20 ~ A1203 �9 X(H20)(s) + 3H2(g) 

[1] 

Where the degree of hydration of the resulting oxide (X) 
varies from 0 to 3. The different phases that form the corre- 
sponding degree of hydration are given in Table 1. [32,33,34] 

Scamans and Tuck [371 studied the reactions and the prod- 
ucts that form when aluminum is exposed to water vapor at 
70 ~ They found that exposure to water vapor resulted in 
the formation of a duplex film of pseudoboehmite (X = 2) 
and bayerite (X = 3). They also observed blistering of the 
film caused by the hydrogen gas evolved during the reac- 
tions. According to the thermodynamic information given in 
Table I, the equilibrium partial pressure of hydrogen for the 
formation of bayerite on aluminum at 87 pct relative hu- 
midity and 25 ~ is greater than 1053 Pa (1048 atm) and greater 
than 1039 Pa (1034 atm) for the formation of boehmite. Also, 
at the interface between the bayerite and the aluminum metal 
the following reaction is possible: 

2Al(s) + 6A1203 �9 3H20(bayerite) ~ 4A1203(corundum) 

+ 3H2(g) [2] 

The standard free energy change for the formation of corun- 
dum by this reaction is -841 .3  kJ/mole for which the e4qui- 
librium partial pressure of hydrogen is greater than 105 Pa 
(1049 atm). 132.33,34] 

Hydrogen evolution occurs rapidly and Scamans and 
Tuck [371 observed blistering of the surface oxide film within 
15 seconds of exposure to water vapor and bayerite growth 
within 5 minutes of exposure. However, the rate of absorp- 
tion of hydrogen will be limited by solid state diffusion of 
hydrogen into the metal. Extrapolation of hydrogen diffusion 
measurements made at elevated temperatures (450 to 625 ~ 
to 25 ~ indicates that the diffusion constant for hydrogen in 

12 14 2 [35 36] aluminum is between 10- and 10- m/ sec .  ' Scamans 
and T u c k s  I37'38'39] and Gest and Troiano t1~ have measured 
the diffusion of hydrogen in A1-Zn-Mg alloys at or near room 
temperature. Scamans and Tuck used water vapor saturated 
air (70 ~ as the hydrogen source in a permeation cell and 
found the hydrogen diffusion constant to be approximately 

10-14 mZ/sec. [37.38,39] Gest and Troiano used aqueous solutions 
in an electrochemical permeation cell to estimate the hydro- 
gen diffusion coefficient as 2 • 10 -13 m2/sec at 25 ~ t~~ 
Since the rate determining step in hydrogen absorption is 
solid state diffusion of the dissolved hydrogen into the al- 
loy, pre-exposure treatments intended to charge samples 
with hydrogen must allow sufficient time for solid state dif- 
fusion of hydrogen into the sample. Also, since aluminum 
samples can absorb hydrogen during fabrication or from 
laboratory air prior to testing, control samples must be purged 
of hydrogen prior to testing by a pre-exposure treatment to 
vacuum. The vacuum pre-treatment of the control samples 
must be for a time period which will allow solid state diffu- 
sion of the internal hydrogen to the surface where it can be 
desorbed. 

There are four different ways that exposure and/or pre- 
exposure to water vapor can influence the fatigue resistance 
of AI-Zn-Mg alloys. These are: 

1. Pre-Existing Internal Hydrogen: Solid state dissolved 
hydrogen present in the alloy prior to fatigue loading will 
be available to diffuse to the plastic zone ahead of a fatigue 
crack or to the surface and cause embrittlement. 
2. Pre-Existing Corrosion Damage: During exposure to 
water vapor prior to fatigue loading, corrosion damage oc- 
curs. Also, the presence of a large hydrogen partial pressure 
in the metal could result in irreversible damage such as the 
nucleation of internal voids. The presence of this damage 
may contribute to the initation and propagation of fatigue 
cracks. 
3. Oxidation Effects: Oxidation of aluminum metal and the 
growth of a brittle oxide film on the surface or at the crack 
tip could accelerate fatigue crack initiation and propagation 
(includes oxide induced closure effects). 
4. Externally Generated Hydrogen: Hydrogen is generated 
at the surface and at a crack tip as a by product of the corro- 
sion reaction between water vapor and unfilmed aluminum 
metal. Thus, rupture of the passive film by emerging slip 
steps at the crack tip will result in hydrogen production at 
the crack-tip. This hydrogen can be absorbed into the alloy 
and interact with the surface or plastic deformation to cause 
embrittlement. 

Table I. The Oxide Phases of The Aluminum-Water System ~32'33'34j 
General Reaction: 2Al(s) + (3 + X)H2O-'--> AI203 " X ( H 2 0 )  (s) -t- 3H2(g) 

Degree of 
Hydration 

(X) Chemical Composition 
AG 

Phases (kJ/mol.) 

0 anhydrous aluminum oxide 
A1203 

1 aluminum oxyhydroxide 
A1203 " H20 or A1OOH 

2 hydrated aluminum 
oxyhydroxide 
A1203 " 2(H20) or A1OOH �9 (H20) 

3 tri-hydrated aluminum oxide 
A1203 �9 3(H20) 

3 aluminum hydroxide 
2[Al(OH)3] 

corundum - 864.8 

boehmite - 864.8 
diaspore 
pseudoboehmite 

bayerite - 888.3 
nordstrandite 
gibbsite (hydrargillite) -897.2 
amourphous hydroxide -852.0 
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The goal of this investigation was to evaluate the relative 
contributions of each of these factors individually and in 
combined action and, thereby, test the hydrogen embrittle- 
ment hypothesis. As a result, a test program with five dif- 
ferent combinations of pre-exposure treatment and test 
environment was employed. These are: 

A. Vacuum/Dry Nitrogen: Samples purged of hydrogen by 
a vacuum pre-exposure were tested in an inert environment 
as a standard reference fatigue life curve (no environmental 
contribution to failure). 
B. Humid Air/Humid Nitrogen: Samples pre-corroded and 
pre-charged with hydrogen by pre-exposure to humid air 
were tested in a corrosive chemical environment to test the 
combined effect of all four of the possible mechanisms dis- 
cussed above. 
C. Vacuum/Humid Nitrogen: Samples purged of hydrogen 
by vacuum pre-exposure were tested in a corrosive (humid) 
environment that also provided hydrogen at the surface of the 
sample. For these samples, only mechanisms 3 and 4 can 
contribute to failure. 
D. Humid Air/Dry Nitrogen: Samples pre-corroded (and 
thus pre-charged with hydrogen) were tested in an inert en- 
vironment to test the effect that hydrogen in internal solid 
solution would have on the fatigue properties of this alloy. 
For these samples, only mechanisms 1 and 2 can contribute 
to fatigue failure. 
E. Humid Air  Then Vacuum Outgas sed /Dry  Ni t ro-  
~en: Samples pre-corroded and pre-charged with hydrogen 
by a pre-exposure treatment to humid air were purged of hy- 
drogen by a vacuum exposure and fatigue tested in an inert 
environment to test the effect of the pre-corrosion damage 
and to test the reversibility of the pre-exposure embrittlement 
effect (mechanism 2 only). 

III. EXPERIMENTAL 

Samples 80 mm long and 20 mm wide with a central gage 
section 10 mm wide and 13 mm long were machined from a 
sheet of high purity ternary AI-5.64 pct Zn-l.94 pct Mg al- 
loy, solution treated in argon at 465 ~ for an hour, quenched 
in cold water, and aged in silicon oil at 120 ~ for 24 hours to 
achieve peak hardness.J291 This resulted in equiaxed grains 
with an average diameter of 0.127 mm (ASTM size 3). 

The samples were ground in oil and in a kerosene/paraffin 
mixture to the equivalent of a 600 grit finish, cleaned, and 
electropolished in a perchloric acid/ethanol solution. I4~ The 
resulting samples were approximately 1.0 mm thick. After 
electropolishing, the samples were stored either in a vacuum 
chamber, to remove hydrogen and to prevent hydrogen ab- 
sorption, or in a 10 liter chamber where the relative humidity 
was held constant at 87 pct to charge the samples with hy- 
drogen.t13' 37-39] A rotary vane oil sealed mechanical vacuum 
pump was used to evacuate the vacuum chamber and the hu- 
midity was maintained constant in the humidity chamber by 
including a beaker containing - 5 0 0  ml of saturated sodium 
carbonate solution (with excess solid) for which the equi- 
librium relative humidity at 25 ~ is 87 pct. t4~] 

In Appendix 1, the rate of hydrogen absorption (or re- 
moval) is calculated for different hydrogen diffusion coeffi- 
cients which encompass the values found in the literature for 
hydrogen in aluminum. Table II gives the percentage of the 
total hydrogen absorbed (or removed) for different exposure 
times and diffusion coefficients. Fatigue lives were found 

Table H. Exposure Time Required to Charge 
or Remove Hydrogen from the Samples for 
Different Diffusion Coefficients (Appendix) 

Percentage 
Absorbed Exposure Time Required (Days) 
(Mt/M=) Dn = 1 • 10 -12 Dn = 1 • 10 -13 Dn = 1 X 10 -14 

• 100 Pct (m2/sec) (mZ/sec) (m2/sec) 

99.5 5.87 58.7 587 
96.0 3.52 35.2 352 
89.0 2.35 23.5 235 
70.2 1.17 11.7 117 
50.8 0.59 5.9 59 

DH = hydrogen diffusion coefficient at 25 ~ in (m2/sec) 
Mt = amount of hydrogen absorbed in exposure time (t) 

M~ = amount of hydrogen absorbed with infinite exposure time 

to be a function of pre-exposure times for pre-exposures of 
less than 30 days but not of longer exposures. Accordingly, 
this minimum exposure period was adopted for both the 
vacuum pre-exposure (to outgas hydrogen absorbed during 
sample preparation) and for the water vapor pre-exposure 
(to charge samples with hydrogen). 

The fatigue tests were conducted with a four point bending 
machine in a 1.4 liter plexiglass chamber at a frequency of 
2.778 Hz. The environmental chamber was used to control 
the environment for all tests. The cyclic bending moment 
was applied to the sample such that the cracks propagated 
across the short dimension of the sample. To help preserve 
fractographic features, the bending moment was not reversed 
and the minimum bending moment during a load cycle was 
zero. The stroke was controlled and monitored with an 
LVDT and the load was monitored with a load cell. The maxi- 
mum strain at the surface was calculated from the equation 
for deflection of elastic beams related to the measured ge- 
ometry of each individual specimen. [29,42] The accuracy of the 
calculations was confirmed with strain gages prior to envi- 
ronmental testing. 

The dry nitrogen environment was maintained by a continu- 
ous flow of pure nitrogen (<3 ppm water and <0.5  ppm 
oxygen) at 0.22 liters per minute through a cold trap im- 
mersed in a reservoir filled with solid CO2. The humid ni- 
trogen environment was maintained by bubbling nitrogen at 
the same rate through distilled water, and then through a so- 
lution of sodium carbonate saturated with excess solid to 
maintain the relative humidity at 87 pct (25 ~ 

The fracture surfaces were examined in a scanning elec- 
tron microscope (SEM). To evaluate the relative influence 
of environment and stress intensity on the mode of fracture, 
lines were drawn on SEM micrographs perpendicular to the 
direction of crack propagation at three different crack depth 
to sample thickness ratios (0.25, 0.50, and 0.75). To mini- 
mize errors which may be introduced by edge effects and iso- 
lated initiation events, a length of line representing 25 pct 
of the width of the sample (2.5 mm) in the central region of 
the sample was used for this determination. The ratio of the 
length of this line which traversed intergranular fracture to 
the total length of line was taken as the percentage of inter- 
granular fracture. Twelve measurements (four at each of 
three different crack lengths) were made for each testing en- 
vironment. The stress intensity factors were estimated for 
each measurement using an asymptotic approximation for a 
thin strip" with a single, edge[43] crack in bending assuming 
straight line crack geometry. Variations in crack shape and 
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other factors will influence the actual stress intensity, and 
these rough estimates of the average stress intensity are in- 
cluded to illustrate the trend in the magnitude of the stress 
intensity with crack length. 

IV. RESULTS 

A. Tests in Dry Nitrogen Gas after Vacuum Pre-Exposure 

Figure 1 shows the results of fatigue tests in dry nitrogen 
after a pre-exposure treatment to vacuum of 30 days or more. 
Reduced fatigue lives were found for vacuum pre-exposures 
of less than 30 days. As a result, only samples which were 
stored in a vacuum for longer than 30 days were used for this 
inert reference environment fatigue life curve. These data 
are used as a base-line comparison (best fatigue resistance) 
for subsequent tests. 

B. Tests in Humid Nitrogen after Pre-Exposure to Humid Air 

The results of corrosion fatigue tests performed in humid 
nitrogen after  a pre-exposure  treatment in humid air 
(>30 days at 87 pct R.H.) are also shown in Figure 1. For 
this testing condition, pre-existing internal hydrogen, pre- 
existing corrosion damage, oxidation effects, and exter- 
nally generated hydrogen can contribute to reducing fatigue 
life. The results of these tests show that both the fatigue 
lives at a fixed strain range and the 106 cycles fatigue limit 
are significantly reduced by this combination of pre-expo- 
sure treatment and test environment. 

C. Tests in Humid Nitrogen after Pre-Exposure to Vacuum 

Two samples were tested in humid nitrogen without pre- 
exposure to humid air (vacuum pre-exposure) and compared 
to the aforementioned tests which should represent the maxi- 
mum and minimum possible environmental influence of 
humid air (87 pct relative humidity). One sample was tested 
at a strain range of 0.004 m/m which is near the vacuum 
pre-exposure/dry nitrogen 106 cycles fatigue limit while the 
other was tested at a larger strain range. For this testing con- 
dition, there is neither pre-existing internal hydrogen dis- 
solved in the sample nor corrosion damage on the surface of 
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Fig. 1 - -  Cycles to failure for vacuum outgassed samples tested in dry nitro- 
gen gas and for samples pre-exposed to humid air tested in humid nitrogen 
gas. Each point represents a single test and the error bars represent a two 
standard deviation range of the error as determined by regression analysis. 

the sample at the onset of testing. As shown in Figure 2, the 
fatigue lives of these samples were essentially the same as 
that of samples pre-exposed to water vapor and tested in 
water vapor. This demonstrates that the pre-exposure treat- 
ment is not required to obtain the reduction in fatigue prop- 
erties observed above. 

D. Tests in Dry Nitrogen after Pre-Exposure to Humid Air 

Fatigue tests were also conducted in dry nitrogen on sam- 
ples which received the standard pre-exposure treatment to 
humid air. These samples contained internal solid state dis- 
solved hydrogen and surface corrosion damage at the onset 
of testing as a result of the pre-exposure treatment. How- 
ever, no hydrogen was available from the environment dur- 
ing the test and no corrosion processes could occur during 
the test which did not occur in the base-line reference envi- 
ronment tests. These data, shown in Figure 2, indicate that 
the fatigue lives of these samples were essentially identical 
to the fatigue lives of samples tested in humid nitrogen after 
pre-exposure to water vapor. The only deviation occurs 
near the fatigue limit where the duration of the test in dry 
nitrogen is such that significant hydrogen desorption may 
occur. 

E. Tests in Dry Nitrogen and Pre-Exposure to Humid Air 
and Vacuum 

To test the reversibility of the effect of pre-exposure to 
water vapor, tests were conducted in dry nitrogen on samples 
that were pre-exposed to humid air for more than a month 
and then placed in a vacuum for varying time periods. The 
vacuum exposure will remove the hydrogen absorbed into 
the alloy during the pre-exposure to humid air but, it will 
not remove the surface damage caused by corrosion during 
the humid air exposure. For samples placed in the vacuum for 
more than a month, the fatigue properties in dry nitrogen, 
also shown in Figure 2, were the same or better than those 
found for samples not exposed to humid air. That is, the fa- 
tigue properties were completely restored by the vacuum ex- 
posure or room temperature "bake out". To examine the rate 
of this recovery, tests conducted after various storage times 
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Fig. 2 - - T h e  effect of  different pre-exposure and test environment com- 
binations on fatigue life as compared to the results shown in Figure 1 for 
vacuum outgassed samples tested in dry nitrogen gas and for samples pre- 
exposed to humid air and tested in humid nitrogen gas. Each point repre- 
sents a single test and the error bars represent a two standard deviation 
range of the error as determined by regression analysis. 
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in the vacuum were plotted as a percent of recovered fatigue 
life (on the logarithmic scale) vs the exposure time, as shown 
in Figure 3. Also, shown on this graph is the percentage of 
hydrogen that would be desorbed for different effective hy- 
drogen diffusivities (Appendix 1). From this, it can be seen 
that the rate of recovery corresponds to the rate at which 
hydrogen would desorb from the sample assuming an effec- 
tive diffusion coefficient of 1 x 10 -~3 m2/sec. 

F. Fractography 

The fracture surfaces were examined in the SEM and re- 
gions of intergranular and transgranular crack propagation 
were observed on all samples. The percentage of intergran- 
ular fracture in the testing environments was determined by 
linear intercept at constant crack length on SEM fractographs. 
The average percentage of intergranular fracture for each 
environment is plotted against the crack length to thickness 
(a/h) ratio in Figure 4. In this figure, each point represents 
the average of four measurements, the error bars represent 
the standard deviation of the measurements, and the lines 
through the points are the regression lines determined from 
the measurements. The stress intensities were estimated 
for each sample and crack length to thickness (a/h) ratio, 
assuming simple straight line crack geometry. The averages 
of these values are included in Figure 4 to show how the 
stress intensity can be expected to vary with the (a/h) ratio. 
In this figure, it can be seen that the percentage of intergran- 
ular fracture at each (a/h) ratio was lower in dry nitrogen gas 
than in humid nitrogen gas. In dry nitrogen gas, the per- 
centage of intergranular fracture did not change significantly 
with increasing cyclic stress intensity while in humid nitro- 
gen it increased significantly. The regression lines indicate 
that the percentage of intergranular fracture is not signifi- 
cantly different for short crack lengths and, as this figure 
implies, crack initiation was primarily transgranular occur- 
ring at persistent slip bands. 

Figures 5 through 10 are scanning electron micrographs 
of typical fracture surfaces, and in these figures the macro- 
scopic direction of crack propagation is from the bottom of 
the figure to the top. A typical region of the transgranular 
crack propagation observed in dry nitrogen gas is shown in 
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Fig. 3 -  Comparison of the rate of fatigue life recovery to the calculated 
percent of the hydrogen content which would be desorbed for different hy- 
drogen diffusion coefficients. 
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Fig. 5 -  The transgranular cleavage-like crack propagation in two grains 
of a vacuum outgassed sample tested in dry nitrogen gas. 

Fig. 6 - - A  region of small transgranular cleavage-like facets on the frac- 
ture surface of a vacuum outgassed sample tested in dry nitrogen gas. 
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Fig. 7 - -  The face of the step between two facets of transgranular cleavage- 
like fracture on the fracture surface of a vacuum outgassed sample tested in 
dry nitrogen gas. 

Fig. 1 0 - -  A region of intergranular crack propagation in a sample tested in 
humid nitrogen gas. 

Fig. 8 - - A  region of intergranular crack propagation in a vacuum out- 
gassed sample tested in dry nitrogen gas. 

Figure 5. In this figure, the crack propagated across a grain 
oriented favorably for the formation of small cleavage-like 
facets into a grain oriented for the formation of larger facets. 
The region of small facets is shown at a higher magnification 
in Figure 6 and striations can be seen on the fracture surface. 
These striations are approximately 0.1/xm apart, indicating 
a crack growth rate of 1 x 10 -7 meters/cycle. The face of a 
step between two regions of cleavage-like fracture is shown 
in Figure 7. Evidence of ductile deformation and corrosion 
can be seen on this surface. The corrosion may have occurred 
after testing, but the nitrogen environment is not completely 
oxygen free (<0.5 ppm oxygen) and fretting corrosion of 
this surface may have obscured the features on this surface, 
indicative of the actual fracture mechanism. Typically, the 
intergranular fracture surfaces formed in this environment 
were smooth and almost featureless, as shown in the upper 
half of Figure 8. The features shown on the grain boundary in 
the lower left of this figure were not observed on any other 
grain boundary. 

Testing in humid nitrogen resulted in a slight increase in 
the percentage of intergranular fracture, especially at longer 
crack lengths. The transgranular cleavage-like fracture ob- 
served in this environment is shown in Figure 9. The surfaces 
appear flat and smooth, indicating that little plastic deforma- 
tion is associated with crack propagation. The intergranular 
fracture surfaces of samples tested in this environment ap- 
peared similar to the intergranular fracture surfaces produced 
in dry nitrogen. Figure 10 shows an intergranular fracture 
surface formed in humid nitrogen and, except for some cor- 
rosion damage, it does not appear significantly different from 
that shown in the upper half of Figure 8. The external surface 
of a sample tested in humid nitrogen is shown in Figure 11. 
This figure shows the blistering and cracking of the surface 
film that resulted from the combined action of cyclic loading 
and water vapor. 

Fig. 9 - - A  region of transgranular crack propagation in a sample tested in 
humid nitrogen gas. 

V. DISCUSSION 

In the theory section of this paper, it was pointed out that 
there are four different ways that exposure or pre-exposure 
to water vapor can accelerate fatigue failure. These are: 
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Fig. 11--Blis ter ing and cracking of the external electropolished surface 
of a sample after exposure to humid air and cyclic loading in humid nitro- 
gen gas. 

1. pre-existing internal hydrogen, 
2. pre-existing corrosion damage, 
3. oxidation effects, and 
4. externally generated hydrogen. 

Corrosion damage generated during pre-exposure to water 
vapor cannot be removed by a simple vacuum exposure at 
room temperature, while the present results show that a vac- 
uum exposure can result in complete recovery of fatigue re- 
sistance. Therefore, surface damage due to pre-exposure 
to water vapor cannot be responsible for the observed loss 
in fatigue resistance. Oxidation effects, such as oxide in- 
duced closure, would be environment dependent rather than 

[37] pre-exposure dependent. Scamans and Tuck showed that 
the kinetics of water vapor adsorption and hydrogen evolu- 
tion are fast compared to bulk diffusion of hydrogen. Simi- 
larly, the kinetics of water vapor desorption from the surface 
will be fast with respect to bulk hydrogen diffusion. Also, 

[37..38 39] Scamans and Tuck ' ' demonstrated that exposure to wa- 
ter vapor results in hydrogen evolution, absorption, and dif- 
fusion into the metal. The results of the present study 
demonstrate that exposure to water vapor reduces the fatigue 
resistance of this alloy, that pre-exposure to water vapor is 
as damaging as water vapor in the testing environment, that 
the effect of water vapor is completely reversible, that the 
rate of recovery of the pre-exposure effect is slow requiring 
several days of vacuum exposure, and that the rate of re- 
covery is exactly that predicted by hydrogen desorption 
kinetics for this sample geometry. There is no mechanism 
other than hydrogen embrittlement that can explain these 
observations. Also, since the same fatigue life results from 
pre-exposure to water vapor as results from water vapor in 
the testing environment, hydrogen present in the alloy at the 
onset of testing must be as effective in reducing the fatigue 
life as corrosion damage and hydrogen generation during 
the test. 

Hydrogen may reduce the fatigue resistance of A1-Zn-Mg 
alloys by either surface adsorption at the crack tip or by em- 
brittling the plastic zone ahead of the crack. Surface adsorp- 
tion and interactions could reduce fatigue lives by reducing 
the surface energy and either reducing the energy required 

t441 for brittle fracture as suggested by Uhlig, or by increasing 
the number and activity of dislocation sources promoting 

shear at the crack tip as proposed by Lynch.I451 To embrittle 
the plastic zone ahead of the crack tip, water vapor would 
react with the bare metal surfaces exposed at the crack tip, 
producing significant amounts of mobile hydrogen atoms 
which then diffuse into the plastic zone ahead of the growing 
cracks accelerating fatigue crack growth by some internal 
hydrogen embrittlement mechanism. For the case of an alloy 
which is saturated with hydrogen and subsequently tested in 
a dry environment, the plastic zone ahead of the crack tip 
would be expected to act as a sink for hydrogen, since the 
hydrogen solubility would be higher in the crack tip process 
z o n e .  [461 

The results of these experiments support the concept that 
hydrogen dissolved in the plastic zone and not surface ad- 
sorbed hydrogen is responsible for embrittlement. The rates 
of surface reactions and adsorption are much faster than the 
rate of bulk diffusion. As a result, if hydrogen adsorbed on 
the surface were responsible for embrittlement, then the fa- 
tigue lives of hydrogen pre-charged samples would not be 
identical to the fatigue lives of hydrogen free samples tested 
in humid nitrogen. However, if embrittlement occurs by an 
internal embrittlement process, then bulk diffusion from the 
surface or from the interior to the process zone would occur 
at about the same rate. Also, if adsorbed hydrogen, either 
produced by surface reactions or diffusing from the bulk 
to the crack surfaces, were responsible for the embrittle- 
ment phenomenon, then the correlation between the calcu- 
lated amount of hydrogen desorbed and the embrittlement 
"recovery" process would not be observed. Rather, since 
adsorption is required only at the crack tip for it to be effec- 
tive, then residual hydrogen in the alloy would saturate the 
surface and cause embrittlement for much longer out-gassing 
times then those predicted and observed in this investigation. 
On the other hand, a reduction in the general concentration 
of hydrogen in the alloy would be expected to reduce em- 
brittlement if it occurs within the crack tip process zone by 
some internal embrittlement mechanism. Finally, the in- 
creasing deviation between the fatigue lives of pre-charged 
samples and samples tested in humid nitrogen with increas- 
ing testing time (Figure 2) can be explained by bulk diffu- 
sion reducing the hydrogen concentration in the sample while 
the opposite trend would be observed if bulk diffusion to the 
surface were a requirement for accelerated fatigue failure. 

A model of internal rather than surface embrittlement is 
also su~0orted by the fatigue experiments of Holroyd and 
Hardie t~'j which showed that environmentally associated fa- 
tigue crack growth in aluminum alloy 7017-T651 is highly 
frequency dependent and related to the square root of time 
available during each cycle for crack propagation. A strong 
frequency dependence is not consistent with a surface ad- 
sorption phenomenon since the kinetics of adsorption on 
freshly produced crack surfaces should be virtually instan- 
taneous. On the other hand, if there is no contribution of 
static load stress corrosion cracking during each load cycle, 
then as the frequency decreases the plastic zone ahead of the 
crack tip will become saturated with hydrogen and the crack 
propagation rate per cycle will approach a constant value. 
Wei et al. i481 studied the corrosion fatigue crack propagation 
rates of aluminum alloy 2219-T851 in water vapor and found 
that there was a critical frequency below which crack prop- 
agation was independent of frequency; however, they at- 
tributed this effect to mass transport up the crack. 
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The present study does not provide direct evidence for any 
specific mechanism of internal hydrogen embrittlement. The 
mixed intergranular and transgranular cracking observed in 
this study indicates that there is no unique fracture morpho- 
logy associated with the mechanism or mechanisms of hydro- 
gen assisted fracture. That is, it was found that hydrogen 
increased the percentage of intergranular fracture; however, 
this type of fracture was observed in the absence of damaging 
hydrogen species. Also, while hydrogen influenced the ap- 
pearance of the transgranular fracture surfaces, this fracture 
mode was observed even with significant amounts of hydro- 
gen dissolved in the alloy. In fact, Albrecht et al. fm found 
that cathodic pre-charging 7075 tensile samples reduced the 
ductility and increased the size of the dimples observed on 
the fracture surfaces. These observations indicate that neither 
the chemistry nor the morphology of grain boundary/precipi- 
tate interactions is critical to environmental cracking�9 For 
example, it had been suggested that chemical differences 
between the grain boundary precipitates and the precipitate 
free zone (PFZ) might lead to galvanic corrosion of the grain 
boundary region [49-52] or to hydrogen embrittlement] 53'541 
Alternatively, it has been suggested that the particular mor- 
phology of the grain boundary precipitates is required for 
crack propagation.lU-26'55J While both of these factors may in- 
fluence the crack path and/or crack growth rates, apparently, 
they are not required for environmentally assisted cracking. 

The fracture path appears to be determined by a variety of 
factors including the hydrogen concentration, the orientation 
or availability of a preferred path, and the loading conditions. 
Examination of the fracture surface revealed that frequently 
crack propagation was intergranular when small grains pro- 
vided a convenient intergranular path. Stoltz and Pelloux tzzl 
studied the effect of reducing grain size on corrosion fatigue 
resistance of alloy 7075 and they found that reducing grain 
size promoted intergranular fracture and increased crack 
propagation rates. This effect may be the result of hydrogen 
segregation to this region, the higher diffusivity of the grain 
boundary as compared to the matrix or simply the orientation 
of the grain boundary with respect to the stress distribution 
at the crack tip. Grain boundary separation in the presence of 
solid solution hydrogen has been observed in the transmis- 
sion electron microscope to occur along non-coherent pre- 
cipitate matrix interfaces with little or no accompanying 
plastic deformation. I6'471 The precipitate-matrix interfaces 
within the grains could also influence hydrogen segregation 
and fracture in a manner similar to the grain boundary precipi- 
tates. This would result in lowering the transgranular fracture 
resistance of this alloy in the presence of hydrogen more 
than that of other aluminum alloys which are not precipitation 
hardened or which are not hardened with precipitate phases 
with the same level of coherency strains between the matrix 
and the precipitate. 

VI. CONCLUSIONS 

It has been shown that the fatigue resistance of a high pur- 
ity A1-Zn-Mg alloy is significantly reduced by the presence 
of water vapor in the testing environment. Also, an equiva- 
lent reduction in fatigue life was observed in dry nitrogen for 
samples pre-exposed to water vapor long enough for bulk 
diffusion to saturate the sample with hydrogen. When the 
samples that were pre-exposed to water vapor were stored in 

a vacuum, complete recovery of fatigue strength resulted and 
the rate of this recovery corresponded to the estimated rate 
of hydrogen desorption for a diffusion coefficient of 1 x 
10-13m2/sec. These results can only be explained by a bulk 
hydrogen embrittlement mechanism. Therefore, we con- 
clude that the reduction of the fatigue resistance of this alloy 
in water vapor is due to a form of hydrogen embrittlement. 

APPENDIX 

For the absorption or desorption of a species from a plane 
sheet where the surface concentration is not in equilibrium 
with the atmosphere, the surface boundary condition is: t561 

_D(OC~ = 
\Ox]  a(Co - C,) [A1] 

Where Co is the surface concentration of the species in 
equilibrium with the atmosphere at infinite time, Cs is the 
actual surface concentration as a function of time and a is 
a proportionality constant. For a thin sheet ( - h  < X -< h) 
initially at a uniform concentration C2 and the exchange de- 
fined by Eq. [A1] for both surfaces, the solution for the con- 
centration as a function of time (t) and position (X) is: t561 

u 2 c o s  e x  
C(X , t )  - Cz ~ \ ^ /  P \  A / 

= l - Z  costk Co - C2 ,=l 

[A2] 

Where the ft, terms are the positive roots of the equation: 
/ k 

fl tan fl = L = ( - ~ )  [A3] 

The total amount of substance, M,, entering or leaving the 
sheet up to time t is determined as a fraction of the total 
quantity that will be absorbed or desorbed to reach equi- 
librium at infinite time, M=, by the relationship: r561 

2L 2 exp ( ~ )  

M----Lt = 1 - ~'~ 2 2 L 2 [A4] 
M~ ,=l f t , ( f t ,  + + L)  

For small values of the diffusion coefficient, the ft, terms 
can be approximated by the terms for the argument ap- 
proaching infinity which for the first and second terms are: 

fll = 1.5708 t2 = 4.7124 [A5] 

This approximation is good for values of the dimensionless 
parameter L greater than 102. From this, it can be seen that 
the second and higher order terms are small compared to 
the first term of the series and that a first term approxima- 
tion will be good for all but short times. The first term ap- 
proximation for this relationship is: 

Mt _ 1 - (0.81057) 2.467 + L  2 + L  
M~ 

�9 exp -2.467 ~2 t 

For hydrogen in aluminum, diffusivities between 10 -12 and 
10 TM mZ/sec are expected, t35-391 As a result, the dimension- 
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The Competition between Martensite 
and Omega in Quenched Ti-Nb Alloys 

D.L.  MOFFAT and D. C. LARBALESTIER 

A careful experimental study of the phase transformations which occur in annealed/3 phase Ti-Nb 
alloys during quenching has been completed. The competition of the a"  and co phases to form in alloys 
of 20 to 70 at. pct Nb was investigated as a function of quench rate and alloy composition. Particular 
attention was paid to the interstitial content and chemical homogeneity of the alloys. The martensitic 
a" phase was found only in 20 and 25 at. pct Nb alloys, and then only using fast water quenches of 
- 3 0 0  ~ Under slower quench conditions, e.g., - 0 . 3  to 3 ~ co phase precipitates were 
found in these alloys and in 30 and 35 at. pct Nb alloys. Evidence of "diffuse" co phase precipitation 
was observed in alloys up to 50 at. pct Nb. Only alloys of 60 and 70 at. pct Nb were found to retain 
the single phase/3 structure upon quenching. These results constitute the first part of a study of the 
stable and metastable equilibria of the Ti-Nb alloy system. 

I. INTRODUCTION 

IT generally has been accepted that only two martensitic 
structures exist in the Ti-Nb alloy system. These structures, 
a '  and a",  have been observed in several other titanium- 
based transition element alloys] ~'21 The structure of a '  is 
hcp [t'3"41 with lattice parameters identical to those of a-Ti.  
The a" structure is C-centered orthorhombic with a Cmcm 
space group. D'3-6] Hatt and Rivlin [6] and Pattanayak et al. L7] 
have reported the presence of a tetragonal phase in 25 and 
21.7 at. pct Nb alloys, respectively; however, the identi- 
fication of this phase as martensitic is uncertain. 

The a"  structure may be viewed as being a transition from 
the hcp structure of a '  to the bcc structure of the/3 phase. 
The atom positions in a"  are (0, 0, 0), (1/2, l /2 ,  0), (0, 1 - 
2y, 1/2), and (1/2, 1/2 - 2y, 1/2) with y being approxi- 
mately 0.2 in Ti-Nb alloys, t4'81 By varying b/a,  c/a, and y, 
all three structures may be produced] 4~ For example, an 
ideal hcp structure is ,obtained when y = 1/6, b/a = 
V'-3, c/a = V ~ .  A bcc structure is obtained when 
y = 1/4, b/a = X/2,  c/a = X/2-. A compilation of the 
existing lattice parameter data for the a '  and a"  martensites 
is shown in Figures l(a), (b), and (c). These data indicate 
that the a' /a" "boundary" occurs at 7.2 at. pct Nb. A linear 
extrapolation of the data toward the bcc limit suggests that, 
at room temperature, the upper compositional boundary for 
a" should be 30.7 at. pct Nb. The data of Morniroli and 
Gantois t41 for alloys of 25 to 28 at. pct Nb, however, do not 
follow this extrapolation. 

The Ms data for the Ti-Nb system are given in Figure 2. 
The calculation of Kaufman and Bernstein [9] of Tg ~" is also 
shown. Flower et al. [m] noted that since there were two 
martensites, there should exist two Ms curves, but the scatter 
in the data is too great to distinguish them. Extrapolation of 
the data indicates that alloys of 26, 30.5, and 32 at. pct Nb 
should have Ms temperatures of 273, 77, and 0 K, respec- 
tively. The upper compositional limit of a"  as extrapolated 
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from the lattice parameter data ( - 31  at. pct Nb) is in fair 
agreement with the composition having an estimated Ms of 
0 K. However, the Ms extrapolation conflicts with the report 
that the 26.6 and 28.2 at. pct Nb alloys of Morniroli and 
Gantois were martensitic at room temperature. 

It is noteworthy that no experimental measurements of Ms 
below 200 ~ or for alloy compositions greater than 20 at. 
pct Nb have been reported. One reason given for this is that 
below 300 ~ the thermal arrest signal becomes too small to 
observe. [1~'~2] It is also apparent in Figure 2 that increasing 
the niobium content much beyond 25 at. pct would lower 
Ms to room temperature or below. An additional compli- 
cation is that the microstructures of alloys in the 20 to 30 at. 
pct Nb range are greatly affected by quench rate, as will be 
demonstrated in this paper. 

The effect of quench rate on the type of transformation 
[3] was studied by Jepson et al. Their data are summarized in 

Figure 3. In the nucleation and growth region it was pro- 
posed that the thermal arrests were due to a nuclei forming 
by diffusion. For alloys and quench rates in the region 
labeled shear, Ms was found to be independent of quench 
rate. By chemically thinning specimens to 130 to 50/xm, 
Jepson et al. were able to effect extremely high quench rates 
which were found to suppress the martensitic transfor- 
mation. The retained fl phase could be transformed readily 
to fl + a" with deformation. The possibility exists, how- 
ever, that the thinning process introduced significant hy- 
drogen contamination, which may have altered the phase 
transformations. 

Other investigations have shown that the quenched micro- 
structures of 14 to 30 at. pct Nb alloys are more complicated 
than those proposed by Jepson et al. Hatt and Rivlin E6] 
observed that furnace cooling a 20.7 at. pct Nb alloy at 
0.03 ~ resulted in the precipitation of the co phase. Air 
cooling this alloy yielded the same results. Only water 
quenching produced a ' .  Morniroli and Gantois t4] noted 
similar results in alloys with more than 14 at. pct Nb. Thus, 
it may be that the thermal arrests observed by Jepson et al. 
in the nucleation and growth region were actually due to the 
precipitation of co, not a. 

Precipitates of the to phase have been observed in alloys 
of titanium and zirconium with several other transition ele- 
ments. The co phase is hexagonal and has lattice parameters 
which are related to the fl phase lattice, i.e., a~ = X/2aa, 
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