The Rate-Controlling Deformation Mechanisms
in Superplasticity— A Ciritical Assessment

A. ARIELI and A.K. MUKHERIJEE

The phenomenon of micrograin superplasticity is critically reviewed in the context of the dominant
microstructural characteristics, i.e., grain boundary sliding and migration, grain rotation and rear-
rangement, and dislocation activity. Existing theoretical models consider the accommodation process
for grain boundary sliding to be either purely diffusional or due to dislocation motion. The latter can
be in the form of individual dislocations or dislocations in the pile-up arrays in the interior of the grains
or in grain interfaces. The mechanical properties, i.e ., stress, strain-rate, activation energy, threshold
stress, and so forth, are compared with the prediction of these models. The extreme sensitivity of the
activation energy for superplasticity (which usually equals that for grain boundary diffusion) to alloy
or impurity content is emphasized. The very large influence to prior thermal and mechanical history
of the specimens on the mechanical data is discussed in the context of alteration of the significant

details of grain boundary substructure.

I. INTRODUCTION

THE phenomenon of micrograin superplasticity in which
metals and alloys deform extensively at elevated tem-
peratures under small stresses without risk of rupture has
been well documented over the past decade.'™® A typical
double logarithmic plot of the applied true stress vs the
resulting true strain rate at constant test temperature, grain
size, and substructure is shown in Figure 1. The plot in
Figure 1 can be divided into four regions, i.e.: (i) at high
stresses a region (Region III) characterized by a slope
(= stress sensitivity, n) =4 to 5, activation energy for de-
formation close to that for lattice self-diffusion, the strain
rate independent of grain size and contribution of grain
boundary sliding (GBS) to total axial creep strain =20 pct;
(ii) at intermediate stresses (Region II) there is a second
power dependence of strain rate on stress, activation energy
for deformation similar to the activation energy for grain
boundary self-diffusion, inverse square dependence of strain
rate on grain size, and the GBS contribution to the total
strain increases to =60 pct; (iii) at low stresses (Region I)
the stress sensitivity coefficient is approximately 3 to 4, the
activation energy for deformation is, again, close to that for
lattice self-diffusion and the GBS’s contribution to the axial
strain decreases to =20 pct, although the inverse second
power dependence of strain rate on grain size remains un-
changed; (iv) at still lower stresses than those corresponding
to Region I, diffusional creep (either through lattice or along
grain boundaries) occurs. In many investigations® " the
Region 1 is absent altogether regardless of whether dif-
fusional creep region was attained or not.

The superplastic materials are attractive mainly for the
large ductilities they exhibit at intermediate strain rates
(i,e., those corresponding to Region II). Therefore, our
understanding of the rate-controlling mechanisms for super-
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Fig. 1—Schematic stress-strain rate behavior for superplastic materials.

plastic deformation in Region II is important not only for its
intrinsic scientific value but also because of its significance
in modeling the processing parameters for forming oper-
ations. Furthermore, most of the metals and alloys known to
behave superplastically in certain ranges of strain rate, grain
size, and temperature were not originally developed to
maximize superplastic properties. In order to develop new
superplastic alloys with optimum properties, a sound
theoretical understanding of the dependence of strain rate
on flow stress, grain size, temperature, and substructure
is imperative.

It is the purpose of this paper to compare the models
proposed in literature for the rate-controlling mechanisms in
Region II of superplasticity and discuss them in the context
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of more recent experimental data on mechanical properties
and microstructure from the literature.

II. DEFORMATION MECHANISMS

A. Dominant, Rate-Controlling, and Operative
Deformation Mechanisms

Micrograin superplasticity is observed at temperatures
above about one-half of the melting temperature and at
stresses where most metals and alloys deform by diffusion-
controlled creep.” There are several diffusion-controlled
deformation mechanisms'® which have now been identified.
Although in parallel processes many deformation mech-
anisms can be operative at any one time, usually one causes
the fastest deformation rate and therefore becomes rate-
controlling and dominant* over special ranges of stress,

*In this paper, the dominant deformation mechanism is the mechanism
that makes the largest single contribution to the total strain.

grain size, and temperature. A majority of experimental data
suggest that GBS is the dominant mechanism in the
superplastic deformation process. What makes micrograin
superplasticity special in the context of diffusion-controlled
deformation mechanisms is that the dominant mechanism
(e.g., GBS) cannot also be rate-controlling at the same
time. GBS cannot occur continuously on all interfaces (grain
or phase-boundaries) without some accommodation in the
interface or within the grains themselves.

B. Accommodation for GBS

In polycrystalline materials two grains cannot slide past
each other without impinging on a third grain. Unless the
grains deform by intracrystalline slip, they must rearrange
themselves in such a way that a pair of grains moves
between two others that separate longitudinally, thus length-
ening the specimen. The sequence can repeat at many
places until the specimen is only a few grains wide, which
produces the large extensions that typify superplasticity. In
a realistic model for grain rearrangement the grain move-
ment is 3-dimensional; grains move out of their original
planes in the specimen and fill voids opened in other parallel
planes and increase the surface area of the specimen. The
movement of the grains within the specimen occurs by GBS,
and in order to rearrange themselves the grains suffer shape
change. However, because the various interfaces present in
specimens have different properties, the rates of sliding at
these interfaces are different and grains rotate during defor-
mation.” Thus, a grain which elongated longitudinally
previously following rotation will elongate in other direc-
tions and, hence, no marked departure from the equiaxed
shape of the grain is observed. Hence, upon application of
stress, the specimen changes shape which is brought about
by grain rearrangement. The latter, in turn, is due to GBS
(and grain rotation). Therefore, the specific process that
accommodates the GBS will be the rate controlling step.

Another problem with GBS’s accommodation is the at-
tainment of steady-state. If steady-state is to be achieved,
the interface structure must remain constant during defor-
mation. With a few exceptions (which do not apply to super-
plasticity) constant interface structure can be achieved only
if sliding is accompanied by migration.”
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All the deformation mechanisms presented in this paper
are based (explicitly or implicitly) on the microscopic as-
pects described above.

III. DESCRIPTION OF THE PROPOSED MODELS
FOR THE RATE-CONTROLLING MECHANISM
IN REGION II OF SUPERPLASTICITY

The accommodation mechanisms for GBS proposed in
the literature can be divided into two groups, namely, dif-
fusional accommodation®’ and accommodation due to
dislocation motion. The dislocation motion accommodation
mechanisms can be further grouped into accommodation
process due to dislocation pile-ups (either inside the
grains??? or in the interfaces”**?’) and that due motion of
individual dislocations.??-

A. Diffusional Accommodation

Ashby and Verall Model”

These authors put forward a model which explains
superplasticity as a transition region between the diffusion-
accommodated flow, operative at low strain rates, and
diffusion-controlled dislocation climb at high strain rates.

At low strain rates where diffusion-accommodated flow
accounts for more than 99 pct of the total strain rate, the
specimen elongation is accomplished by grain rearrange-
ment which in turn takes place by grain boundary sliding.
In order for grains to maintain compatibility during the
deformation process, they must suffer a transient but com-
plex shape change or accommodation strain. This accom-
modation is accomplished by diffusional transport. Due to
transient increase in the grain boundary area during grain
rearrangement process, the deformation is limited at
very low strain rates by a threshold stress. Characteristic of
this model is the fact that units of four grains must de-
form cooperatively in order to achieve a unit strain of 0.55
and, at the same time, maintain compatibility across
grain boundaries.

At high strain rates, where dislocation creep accounts for
more than 99 pct of the total strain rate, the specimen elon-
gation is achieved by the change of shape of the individual
grains. At intermediate strain rates these two mechanisms
superimpose on each other, each one contributing more than
one pct to the total strain rate. The microstructural and
topological features of the plastic flow at these strain rates
will be those characteristic of the two mechanisms. Since
these two processes are independent and take place simulta-
neously, the total strain rate, & _, will be the sum of the
strain rates contributed by each process, i.e.,

étot = édlff acc + édlSIDC creep [1]
where
. Q 0.72T 3.36 D,
Ediff. acc — IOOkT dz{a' - d }Dl{l + 75}
(2]
and
. D, Gb ()"
Edisloc. creep =A lkT {5} [3]
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The values taken by parameters A and n in Eq. [3] will
depend upon the specific dislocation creep mechanism
found operative at high strain rates for the material under

investigation.*'*
When Eq. [1] is expressed in an emirical form as
o = const. £™, d’exp 2 (4]
RT

the model predicts that m is a strong function of strain rate
with a maximum, at a strain rate close to that corresponding
to diffusional creep, approaching unity but never quite
reaching it. Furthermore, m is predicted to be dependent on
temperature and grain size. The grain size dependence co-
efficient, p, will vary between 0 and 3 depending upon the
strain rate and temperature. The model also predicts that the
activation energy for superplastic flow will be dependent
upon temperature and stress, varying between the value of
the activation energy for grain-boundary diffusion and that
for lattice self-diffusion.

B. Dislocation Pile-Up Accommodation

1. Pile-ups within the Grains
Ball and Hutchison®® and Mukherjee™ Models

Ball and Hutchison® proposed that groups of grains slide
as a unit until unfavorably oriented grains obstruct the
process. The resultant stress concentration is then relieved
by dislocation motion in the blocking grains. These dis-
locations pile up against the opposite grain-boundary until
the back stress prevents further activation of the source
and stops sliding. The leading dislocation in the pile-up
can thus climb into and along the grain-boundaries to
annihilation sites.

Mukherjee” has proposed a modification of the above
model in which grains slide individually rather than in
groups. Dislocations are generated by ledges and pro-
trusions in the grain-boundaries, traverse the grain, and are
again held up in pile-ups at grain-boundaries. The rate of
sliding is then controlled by the climb rate of the lead dis-
location into annihilation sites located at grain-boundaries.

The models lead to the following rate equations

ekT b\? [ o\?
=200{2) (&
D,Gb 2 (d) (G) [5]
for Ball-Hutchison® model, and
ekT b\ /a\?
=2} (2
D,Gb <d> (G) L6]

for Mukherjee* model.

Egs. [5] and [6] are almost identical, differing only by the
value taken by the substructure related parameter which
takes the value of 200 and 2 in References 22 and 23,
respectively. It should be mentioned that, whereas the value
of this parameter was calculated theoretically, from the dis-
location climb theory in Mukherjee’s model, the value of
200 in Eq. [5] was obtained by fitting the rate-equation to
the experimental data.

2. Pile-ups in the Interfaces
(Grain-and/or Phase-Boundaries)

(2) Mukherjee® Model
Mukherjee® proposed a modified version of his original
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model® where the grain-boundary sliding is rate-controlled

by dislocation motion not across the grains, but by motion
of the dislocations in the grain-boundary by a climb-glide
process. The compatibility between the adjacent grains is
achieved by diffusion-controlled climb of lattice dis-
locations along the grain boundaries, thus allowing for the
repeated accommodation that is necessary for the operation
of grain-boundary sliding as a unit process. The combina-
tion of grain-boundary sliding and dislocation climb leads to
grain rearrangement and accounts’ for the absence of grain
elongation during superplastic flow.
The rate equation

ekT b\*(o\?
D,Gb (75-150) ( d) (G) [7]
is identical to Eqgs. [5] and [6] but with the substructure
related parameter taking now values between 75 and 150,
with an average value of 100.

(b) Gifkins®*® Model

In this model, sliding is considered to take place by the
mo;ion of grain-boundary dislocations that pile up at triple
points. The resulting stress concentration is relaxed by dis-
sociation of the leading grain-boundary dislocation capable
of moving in the two other boundaries making up the triple
point, and/or into lattice dislocations which accommodate
sliding. These new dislocations then climb or glide in or
near these two boundaries until they meet each other. Then
they may annihilate or combine with them to form different
grain-boundary dislocations. This complete sequence of
events will produce grain rotation and rearrangement in
agreement with microstructural studies. The rate equation
according to this model is identical to Eqs. [5] to [7] except
that the substructure related parameter is 64. The physical
basis of this model, however, puts emphasis on the role
played by grain-boundary dislocations.

An important feature of this model is that it does not
require that the compatibility between adjacent grains be
maintained at all stages of the deformation. Instead, as pro-
posed by Hazzeldine and Newbury,” gaps (voids) are
opened at interfaces to be filled up by grains sliding from
adjacent planes in the specimen.

(c) Gittus” Model

A theory for superplastic deformation in two-phase
materials has been proposed by Gittus.” It is postulated
the grain-boundary dislocations, piled up in interphase-
boundaries (IPB), climb away into adjacent disordered
segments of the IPB. Sources in the IPB operate and intro-
duce new dislocations to replace those that have climbed
away from the head of the pile-up. Sliding occurs at the
IPB’s as the dislocations in the pile-up glide toward the head
of the pile-up. The flow of matter to the dislocations as they
climb the disordered regions of grain boundary permits the
changes in shape that are needed to preserve continuity of
the boundaries during deformation. The model incorporates
a threshold stress which is identified with the pinning inter-
action between interphase boundary superdislocations and
boundary ledges of dislocation character. The activation
energy is theoretically that for IPB diffusion. According to
this model the superplastic strain-rate is given by:

K _ 534 <-3>2{(E-é"—°)}2 (8]
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C. Accommodation by the Motion of the
Individual Dislocations

(1) Hayden, Floreen, and Goodell® Model

This model predicts that grain-boundary sliding is rate-
controlled by the rate of intergranular dislocation creep.
Dislocations are nucleated at grain-boundary triple-points
and ledges, traverse the grain by glide and climb and then
climb, individually without forming pile-ups, into opposite
grain boundaries where they are annihilated.

The model postulates that at a critical temperature, 7T,
there will be a transition in the diffusion mechanism from
pipe (at T <T,) to lattice diffusion (T >T,). At T, the climb
velocities controlled by these two diffusion mechanisms will
be equal. Furthermore, the model suggests that the rate of
sliding is related to the rate of intragranular dislocation creep
by a geometrical constant, which will be independent of
material and temperature, and that the ratio of sliding rate to
dislocation creep rate will vary inversely with the grain size.

Depending upon whether or not the sliding rate, as deter-
mined by the dislocation climb rate, will be less or equal to

, the theoretical maximum possible sliding rate, as deter-
mined by grain-boundary viscosity, and on the deformation
temperature, i.e., T <T, or T >T,, the authors® predict
four different rate equations.

Basically, for the superplastic region, the model will

predict
' 3 2
oo v
p,Gb ~\a) \G

ekT b\? [/ o\?

D,Gb “(d) <5> L10]

(2) Spingarn and Nix® Model

This model considers the deformation to occur by intra-
granular slip along slip bands which are blocked by grain
boundaries, the strain at the boundary being accommodated
by diffusional flow in the boundaries resulting in a steady-
state creep process. The slip band spacing varies with the
strain rate, i. e., decreases as the strain rate is increased. In
the limit of very small stresses the slip band spacing is equal
to grain size, d, and the rate equation is given by

ekT b\ (o

=100¢{=) {— 1
par ~ () (€) (i
where we have taken () = b* and 8 = 2b. Eq. [11] is
essentially identical to the pure diffusional creep by the
Coble mechanism.*

At very large stresses, the slip band spacing is taken to be
equal to the subgrain size, and the rate equation is given by

ekT _ d\ (o 5
D.Gb (const.) (Z) <G> [12]

The authors® suggest that the transition zone (which
spans more than an order of magnitude in stress) from
n =1 (Eq. [11]) to n = 5 (Eq. [12]) behavior coincides
with the superplastic range. No specific rate equation is
given for the superplastic region, although the total strain
rate in this region must be different from the simple sum of

for T <T,, and

for T >T,.
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the rates given by Eqgs. [11] and [12], since the slip band
spacing varies with strain rate. )

According to this model, not only n varies from 1 to 5 but
also the strain rate dependence on grain size coefficient will
vary between —3 and +1. The activation energy for defor-
mation will be that for grain-boundary diffusion.

(3) Arieli, Mukherjee® Model

In this model, the individual lattice dislocations in a nar-
row region near the interfaces will climb directly into and/or
along the interfaces, being annihilated into the interfaces.
During the climb process the dislocations multiply by a
Bardeen-Herring” mechanism, thus making this process
self-regenerative. Due to the close proximity to the inter-
faces, the climb of the individual dislocations will be con-
trolled by the grain-boundary diffusion. At high stresses
more dislocations will arrive at the interfaces from the grain
interior, the critical step then being the overcoming by these
dislocations, of the obstacles to their motion inside the
grains, by glide and climb process controlled by lattice
diffusion.

The model predicts a superplastic strain rate given by

. 2 2
na = | s |@) @)
b hZ* tan =

The model predicts that the substructure related parameter
will not be a geometrical constant, but will vary with both
interface structure (through 4 and @) and the structure of the
narrow zone near the interface (through @ and Z). Also, this
model incorporates the effect of grain-boundary migration
on the superplastic strain rate.

IV. COMPARISON WITH EXPERIMENT

A. Microstructural

(1) Grain Rotation and Rearrangement

All the models presented in the previous section can pre-
dict the observed grain rotation and rearrangement during
superplastic flow. Beere'®*® has shown that differences in
the resistance to sliding of various interfaces present in
superplastic materials will create significant friction stresses
at the sliding interfaces, thus leading to grain rotation.
Therefore, any model assuming the sliding at the interfaces
to be dominant (and all the above models do) will predict,
explicitly or implicitly, grain rotation. The only condition
will be the existence of more than one type of interface, in
other words, the existence of at least two phases. Dis-
counting the pure metals where enhanced ductility was
observed,*** and quasi single phase alloy*®*' with precip-
itates at grain boundaries, the vast majority of materials
exhibiting superplasticity are multiphase alloys.

During superplastic flow, a tensile specimen will increase
its surface area and reduce its thickness. In the absence of
recrystallization the grains maintain their identity and, in
order to accommodate the change in the physical shape of
the specimen, they will rearrange themselves by moving out
of their original plane in the specimen. Such a three-
dimensional grain rearrangement takes place by sliding at
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interfaces, and as long as transient gaps (voids) are allowed
to occur at the interfaces no additional accommodation is
necessary. All the models discussed in this paper can predict
such three-dimensional grain rearrangements; however,
only two models®™** explicitly include such a process.
Although the Ashby-Verall? model might be visualized
to incorporate such 3-D grain rearrangements, their rate
equation will have to be modified since it specifically incor-
porates the transient grain shape change required to maintain
compatibility during 2-D grain rearrangements.

(2) Grain Shape

One of the most striking features of superplasticity is the
fact that grains maintain their essentially equiaxed shape
even after specimen elongations of hundreds and thousands
pct. Here again, the assumption that interface sliding is the
dominant deformation mode can explain the experimental
observations. Regardless of the specific accommodation
mechanism (diffusional or dislocation motion) for sliding,
grain rotation and rearrangement will continuously bring
new slip planes or boundary segments in the most favorable
orientation with respect to the major deformation axis and,
hence, there will be no marked departure from the equiaxed
grain shape in any specific direction.

(3) Dislocation Activity

Detailed T. E. M. and texture investigations have proved
beyond any doubt that significant dislocation activity occurs
during superplastic flow. These observations were recently
reviewed”® in some detail and will not be repeated here.

All the models? %2 involving intragranular slip pre-
dict the TEM and texture observations. The model based on
the accommodation of sliding by local climb of individual
dislocations™ predicts gross intragranular activity only in
the grains which fill the gaps opened during 3-D grain ar-
rangements. Since the superplastic materials usually have
quite uniform grain size and shape, the grains moving out of
their original planes in the material had to be “extruded” in
order to accommodate the size and the shape of the gap
(void) they fill. Such grain “extrusion” cannot be confined
to a narrow region near the boundaries and, hence, intra-
granular slip occurs. Since, as shown by Hazzeldine and
Newbury,® at ¢ = 0.8 and ¢ = 1.39, one third and one
half, respectively, of the grains have moved out of their
original plane in the material, considerable intragranular
dislocation activity can be detected by TEM and/or texture
studies following superplastic flow. Although it is not men-
tioned in the original models,”*?’ the same explanation
holds for the models involving accommodation by grain-
boundary dislocation motion.

(4) Interface Sliding and Migration

Only limited work was performed to distinguish among
the sliding interfaces, i.e., a-a, B-8, a-B, and so
forth,*** or to investigate the effect of the orientation of
the sliding interface relative to the applied stress.*® The
amount and the rate of sliding varies with the type of inter-
face and seems to be directly related to the differences in the
grain-boundary diffusivities of the various interfaces,*
i.e., the faster the grain-boundary diffusivity for a given
interface, the larger the amount of sliding for constant & and
€. This observation seems to support those models? 2%
which predict that grain-boundary diffusion will control the
deformation rate. Valiev and Kaybishev*® found that in the
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superplastic regime the amount of sliding at the boundaries
making angles of 45 deg and 90 deg to the tensile axis was,
respectively, 50 pct and 33 pct larger than that taking place
at the boundaries lying parallel to the tensile axis. These
results seem to indicate circumstantial support for models
involving accommodation by dislocation motion.

As was mentioned briefly in Section II, grain-boundary
migration can play an important role in the superplastic flow
phenomenon. Not only was grain-boundary migration found
to accompany grain-boundary sliding in coarse grained ma-
terials,”**’ but also its occurrence is required in order to
maintain the interface structure unchanged during sliding.?
Only one model® incorporates the effect of grain-boundary
migration on the superplastic strain rate. The overlooking of
the effects of grain-boundary migration in models based on
interface sliding as the dominant deformation mechanism
has important implications. An unstable interface structure
during superplastic flow might lead to reduced or increased
sliding rates, requiring more or less accommodation than a
stable boundary structure and, therefore, leaving open the
possibility that other accommodation mechanisms in addi-
tion to the one postulated in the models are needed to main-
tain the externally imposed deformation rates. Operation of
such additional accommodation mechanisms within the su-
perplastic range can lead to loss of the superplastic behavior.

(5) Summary

The major microstructural and topological characteristics
of superplasticity related to the grain structure are:

(a) Considerable amounts of grain-boundary sliding and
migration take place during superplastic flow. The rate of
sliding varies with the type of interface and the orientation
of the interface relative to the tensile stress axis.

(b) Grains rotate during deformation, the sense and the
amount of rotation depending upon the immediate sur-
roundings (the neighbor grains).

(c¢) The imposed strain is accommodated by 3-D grain
rearrangements,

(d) The essentially equiaxed grain shape is maintained
even after hundreds and thousands pct strain.

(e) Substantial dislocation activity takes place during
superplastic flow, as evidenced by TEM and texture studies.
However, the extent of the dislocation activity varies from
grain to grain and the texture is strengthened in certain
directions while it is reduced in other directions.

(f) Considerable grain growth takes place concurrently
with superplastic flow.

It is shown that, although not all the proposed models
explicitly incorporate the above observations, the assump-
tion that grain-boundary sliding is the dominant deformation
mechanism in superplasticity leads to their implicit inclu-
sion in those models. Hence, microstructural studies related
to the grain structure cannot completely discriminate among
the proposed models for the rate-controlling deformation
mechanism in superplasticity.

B. Phenomenological

(1) Stress-Strain Rate Behavior

The nature of the plot of log o vs log ¢ in Region IT of
superplasticity is still open to debate. Although most recent
investigations found it to be a straight line,’~1"22:25-28.40.41.48-50
there are still many published investigations in the literature®
where a nonlinear log o-log ¢ is reported. The stress-strain
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rate behavior is important, especially in the context of a
review of the rate-controlling mechanisms in superplasticity.
All the models??~*-*® which contend that superplasticity is a
unique mechanism on its own, predict a linear log o- log €
relationship. Only those models??* which try to predict a
nonlinear log o- log ¢ relation have to resort to a combina-
tion of two mechanisms, thus, the superplasticity being in-
ferred as transition between these two mechanisms. There
will inevitably be some scatter in plotting experimental data
on a log-log plot of stress vs strain rate. However, a re-
analysis of more than 20 published investigations® indicates
that the data in Region II can be fitted to a straight line of
constant slope with correlation coefficients better than 0.94.
Why, then, have so many workers reported nonlinear
log o-log ¢ behavior? The answer seems to lie in the vari-
ation of the stress-rate sensitivity coefficient, m, with strain
rate determined from strain rate change tests. The m-values
determined from such tests invariably show a maximum at
some optimum strain rate decreasing at both higher or lower
strain rates than the optimum one. Hence, one almost antic-
ipates a nonlinear log o-log ¢ plot in order to accommodate
this variation in m-values. The strain rate change test meth-
od for determining m has been discussed in detail*>*%* and
was shown to lead to some doubtful numerical values for m.
However, very recently the authors® have shown that
whether or not there is some experimental bias involved due
to test methods, the m-values determined by strain rate
change tests cannot always be used to assess unambiguously
the deformation mechanism in superplasticity. Basically, in
order to evaluate the flow stress dependence on strain rate
the following empirical relation is used
o = K¢" [14]
The strain rate change tests are based on the assumption
that K in Eq. [14] remains constant during the test, If K
varies during the test (i.e., structural changes take place
during the test), then the m-value thus obtained does not
indicate the true strain rate sensitivity of the flow stress
during steady-state and, hence, cannot be used to identify
the specific deformation mechanism. Figures 2(a) and (b)
show typical In o vs In ¢ and m vs ln € plots, respectively,
for superplastic deformation. Figure 2(c) shows the
variation of ¢” with In £. Since the strain rates where super-
plastic behavior is observed are less than unity and m in-
creases continuously with the increasing strain rate up to
Eop» €7 will decrease continuously as £ increases, a min-
imum being reached at £,,. At strain rates higher than £,
m falls rapidly and £” increases. For the results shown in
Figure 2(c), according to Eq. [14], at constant K the flow
stress should decrease with increasing strain rate up to £y
and then increase. However, experiments show that ¢ in-
creases continuously with increasing ¢ (Figure 2(a)). There-
fore, in order for Eq. {14] to hold, K should vary with &.
This variation is shown in Figure 2(d). Based on the above
arguments, it seems conceivable that m-values determined
from strain rate change tests represent an index of the ability
of the material to withstand neck growth,® i.e., are related
to the mechanics of plastic flow, whereas m-values deter-
mined from the constant slopes of the curves in the log o-
log ¢ plots represent the true stress-strain rate relationship,
i.e., are related to the mechanism of plastic flow.*

*This remark does not apply to the case where the m value is determined
from slope of log o vs log £ plot, but the o and £ data themselves are
gathered from strain rate change tests.
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Fig. 2— Schematic plots of In o, (a); m, (b): €", (c), and In k, (d)
vs In €.

Only three of the models®?* discussed here specifically
describe a nonlinear log o-log & behavior. One of them®
uses the principle of superposition of two mechanisms to
account for m variation with strain rate. Spingarn and Nix®
implicitly assume the structure to vary with ¢ and, therefore,
no log o-log ¢ plot can be constructed at constant structure.
The third model” invokes the existence of a threshold stress.
The problem of the threshold stress will be considered in the
next section.

(2) Threshold Stress

Two of the models considered here invoke the existence
of a threshold stress.?''*” The existence of a threshold stress
for diffusion creep of materials containing grain-boundary
particles is now established.*® In the Ashby-Verall® model
the groups of four grains increase their boundary area in a
transient manner by an amount of 0.26 d” and, although the
energy stored during the transient step is released when the
final state is achieved, no energy transfer to another group
of grains is possible. The result is a threshold stress given as:

Oy =——— (15]

Typically, for metals I' ~107® MN /m and for grain sizes
between 10™°m and 107> m, will give 7.2 X 1072 MN /m?
<oy <7.2 X 107! Mn /m’.

Another source of a threshold stress in Ashby-Verall”
model is the interface reaction. If boundaries are perfect
sources and sinks for point defects, the interface potential,
Ap, is equal to zero. If, however, boundaries are not perfect
sources and sinks for point defects, Au takes a finite value
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and some of the applied stress will be dissipated to drive the
interfacial reaction. As pointed out by Ashby and Verall,”
in the absence of a viscous drag opposing the motion of
grain-boundary dislocations Au is a constant and an addi-
tional threshold stress

o =0.84 Au [16]

is introduced. The threshold stresses given by Eqs. [15] and
[16] are simply additive and result in an effective threshold
stress given by

0.72T

Ooye =

+0.84 Ap [17]

The threshold stress proposed by Gittus® is due to pinning
interaction between interphase boundary superdislocations
and boundary-ledges of dislocation character. The estimated
threshold stress is

_2E
bL
Since “the boundary defect is regarded as a flexible line”

by Gittus,” its energy per unit length can be approxi-
mated as

0o (18]

E =0.5G b? [19]
Combining Eqgs. [18] and [19] we obtain
Gb
To =~ [20]

Experimental data on the magnitude and the dependence
of the threshold stress on grain size and temperature during
superplastic flow are extremely scarce. One well character-
ized result is due to Smith and co-workers®® who investigated
such dependence (Figure 3). The results listed in Table I
clearly indicate that the threshold stress calculated from the
Ashby-Verall model is too small to account for the experi-
mental ones. Furthermore, the experimental threshold stress
varies directly with the grain size and inversely with tem-
perature, whereas the theory predicts an inverse relation
between the threshold stress and grain size and no de-
pendence on temperature. If the interface reaction is consid-
ered, then the interface potential will vary with both grain
size and temperature. This variation is shown in the last
column in Table I. A simple threshold stress resulting from
interface reaction (Eq. [16]) cannot explain this behavior. A
possible explanation is that a viscous drag opposes the mo-
tion of dislocations and then Ay is a function of stress and
grain size”' given by

Au = S_Qd. [21]
* pb*M
and since'®
= ( g )2 2
=\ [22a]
Eq. [21] becomes
£ QO dG?
Ay = — 22
PV [220]

Eq. [22b] indicates that at constant £ and d, Au will
increase as the temperature increases (through the factor
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Fig. 3—Double logarithmic plot of stress vs strain rate for IN 744 (after
Ref. 56).

Table1. Experimental and Calculated Threshold

Stresses for In 744 (56)

Temperature Grain Size oo Exptl. g, Cale™ Ap Cale*™
CK) X 10%m) (MN/m®) (MN/m® (MN/m’
1173 5 2.55 0.14 2.87
1233 5 0.98 0.14 1.00

12 3.14 0.06 3.67
1293 5 0.59 0.14 0.54

*ay cale from Eq. [15]
**Ap calc from Eq. [17]

G?/0?), which is exactly the opposite of what was experi-
mentally observed. Also, according to Eq. [22b], Ap will
be independent of grain size or will vary inversely with grain
size depending upon the flow stress dependence on grain
size,i.e., ¢ x d or o « d'?, respectively. Again, this trend
runs counter to the experimental evidence.

The threshold predicted by the Gittus*” model is indepen-
dent of grain size and only weakly dependent on temperature
through the variation of shear modulus with temperature.
The prediction of Eq. [20] is compared with experimental
data for IN 744 and Pb-Sn eutectic® in Table II and values
of ledge width, L, are calculated to fit the experimental
data. As can be seen, the calculated ledge widths are too
large, of the order of magnitude of the grain size and larger.
For the data of Gecklini and Barrett® on Pb-Sn, Gittus cal-
culated an L-value about six times lower (L =4 X 107" m)
and concluded that a ledge width to ledge height of about
100 will be required to fit the data. This will result in a ledge
height of about 40 X 107! m which is several times larger
than the boundary width.® In addition, experimental ob-
servations indicate that the height of the boundary ledges of
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Table II. Comparison between Equation [20]

and Experimental Results

Temperature Grain Size 0o expn Lcate

Material ’K) X 10°(m) (MN/m® X 10°(m)
In 744 1173 5 2.55 4.48
1233 5 0.98 11.00
12 3.14 3.22
1293 5 0.59 17.20
Pb-Sn 298 3.6 to 11.7 1.13* 2.26

*average value

dislocation character is less than® 10 X 107'° m and, hence,
the ratio between the ledge width and ledge height is less
than 20. This will lead to typical threshold stresses for most
alloys of about G/40 to G/140 which are much too high to
be of any relevance to superplasticity.

From the foregoing, it is evident that none of the models
for threshold stress proposed in the literature with regard to
superplasticity can satisfactorily explain the experimental
observations. It is our contention that the effect which is
widely interpreted as the operation of a threshold stress can
in many instances be due to deformation-enhanced grain
growth during superplastic flow.®*"*' Concurrent grain
growth during deformation will iead to an upswing in the log
o — log & curve, especially at low strain rates, as shown
convincingly by Rai and Grant'® and Arieli ef al .* This may
lead to apparent impression for the existence of a threshold
stress. Figures 4(a) and (b) show the effect of grain size and
temperature on the plateau stress at low strain rates for
Pb-Sn eutectic.®® It can be seen from Figures 4(a) and (b)
that the plateau (threshold) stress decreases with decreasing
grain size and increasing temperature, in agreement with the
results of Smith et al> for IN 744. There is a tendency for
datum points to coalesce into a single line at very low strain
rates (lower than those used in that investigation), and this
is in agreement with kinetics of concurrent grain growth.
The instantaneous grain size, d*, during superplastic flow is

*In the absence of dissociated dislocations the pipe and grain boundary
diffusivities are equal.*

given by”
K’
d* = do + _(t)c exp( Qb) [23]

and, hence, the grain growth rate is

_ 9
a(d*) K'c exp( RT)
at () (d*—dy)

According to Eq. [24] the smaller grains will grow faster,
and the higher the temperature the faster the grain growth
rate. Also, at very long testing times the grain growth rate
will approach zero, i.e., there will be a limiting grain size,
and, hence, the tendency of datum points (Figure 4(b)) to
coalesce into 3 single line at very low strain rates (very long
testing times). However, often before the strain rates where
a single plateau stress can be observed there is a transition
in the deformation mechanism and diffusional creep be-
comes operative (Figure 4(b)). This behavior strengthens
our contention that deformation-enhanced grain growth is
responsible for the observed plateau stress region. The

[24]
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Fig. 4—Log o vs log d{aé) for Pb-Sn eutectic at various grain sizes (a)
and temperatures (b).

process is shown schematically in Figure 5. The broken
lines represent superplastic creep and diffusional creep at
two grain sizes dy and d, >d,, respectively. If no grain
growth occurs, then the superplastic creep line and dif-
fusional creep (d) line will describe the deformation behav-
ior over the range of strain rates considered. If, however, the
grain growth does occur, then at low strain rates the super-
plastic creep line will show an upswing and will meet the
diffusional creep line at d;, which is now the instantaneous
grain size due to grain growth. The result is an apparent
plateau stress level as depicted in the figure.

d
D4
4 r'd

log O =3

— — ——Diffusional Creep
— - — Superplastic Creep
Observed Behavior

log € —

Fig. 5— Schematic representation of the apparent threshold stress due to
grain growth.
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(3) Diffusivity

The thermally activated nature of superplastic defor-
mation manifests itself in the temperature dependence of the
strain rate. The measured activation energies in Region II of
superplasticity generally fall into two categories: activation
energies similar to those for grain boundary diffusion
11,14-17.22,48.49.62.63 and those comparable to the energy for lat-
tice diffusion.**%% Two of the models®”** were specifical-
ly conceived to explain the values of activation energy close
to those for lattice diffusion. Hayden et al® suggested that
the rate-controlling diffusion process will change from
pipe* to lattice self-diffusion at a critical temperature at
which the two velocities for edge dislocation climb at grain
boundaries are equal. However, since the climb process that
is envisaged here occurs at a distance of a few angstroms
from the grain boundary, it seems more probable’ that the
rate of climb will be controlled by grain boundary diffusion
at all temperatures up to the melting point. Gittus®’ proposed
that the rate of deformation in superplastic regime is con-
trolled by the interphase diffusivity which takes values
closer to those for lattice self-diffusion than those for grain-
boundary diffusion. However, in view of the results ob-
tained by Langdon and co-workers*** which show that grain
boundaries slide faster than interphase boundaries, the acti-
vation energy associated with the faster sliding process,
i.e., grain boundary diffusivity, should control the rate of
deformation. In the rest of this section we will try to show
that in many instances grain-boundary diffusivities of alloys
can take on values which are much larger than those for pure
base metals, approaching those for lattice self-diffusion in
pure metals to which they are usually compared.

(a) Changes in grain-boundary chemistry. Figure 6
shows a typical binary phase diagram of two metals A and
B. Let’s assume that we investigate an AB alloy having the
nominal composition xz pct of B and (100 — x) pct of A. The
activation energy for deformation is determined by mea-
suring the strain rate under constant applied stress at tem-
peratures T, T, T3, and T, (T, >T; >T, >T,). A plot of In
(¢ G™' T) vs 1/T will yield the activation energy for ener-
gy, from the slope of the plot, i.e.,

L
- Lra W
T @ A
3 .
[P} AR
/| M
Ty )I'l'
R
I
l'|| a+p
lll.T
100A a{l\a. xg
b R
%B

Fig. 6— Typical binary phase diagram.
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(G G™'T)
Q= a (1/T)

where R = gas constant.

However, inspection of phase diagram in Figure 6 indi-
cates that the chemistry of both @ and B-phases changes
with variations in temperature. At T,, T,, T3, and T, the
content of A in B-phase is a,, a,, a3, and a, (a; >a; >a,
>a,), respectively, while the content of B in a-phase is b,
by, by, and b, (b, >b, >b; >b,), respectively. Such vari-
ations in the solute content®® might affect either the pre-
exponential factor (D) or the activation energy (Q) or both.
Tables III and IV list the measured activation energy and the
preexponential factor of grain boundary diffusion of Zn in
Sn and Sn in Zn®, and Figures 7 and 8 show the observed
activation energy and the calculated diffusivities as a func-
tion of Zn-content, respectively. The calculated diffusivities
for three temperatures are summarized in Table V. It is
evident from Figures 7 and 8 and Tables III through V that

| o, structure, chemistry  [25]

Table III. Grain Boundary Diffusion of Zn in Sn-Zn Alloys

Zn (At. Pct) Do (M?/s) x 10* Q (kJ/mol)
8.6 16.2 54.0
18.1 0.8 47.3
38.4 8.0 58.0
86.0 5.5 62.8
100.0 0.11 54.4

Table IV. Grain Boundary Diffusion of Sn in Sn-Zn Alloys

Zn (At. Pct) Do (M?/s) x 10* Q (kJ/mot)
0.0 0.064 40.0
0.9 0.48 48.1
8.6 0.12 46.9
18.1 0.036 43.9
24.3 0.19 49.8
38.4 0.19 51.5
68.5 5.0 62.8
86.0 10.4 66.1

ACTIVATION ENERGY, Qy (k), mole)

L]

0 10 20 30 0 50 60 0 80 9% 100
Zn CONCENTRATION (at %)

Fig. 7— Activation energy vs Zn concentration.
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Table V. Grain Boundary Diffusivities of Zn in Sn and Sn in Zn

Dbzn(mz/sJ Dbsntmz/S)
Zn (At. Pct) 300 K 375K 450 K 300 K 375 K 450 K

0 7.83 x 1071 1.89 x 107" 1.58 x 107

0.9 2.28 X 1071 1.05 x 107" 1.35 x 107

8.6 7.45 x 1071 5.49 x 107" 9.65 x 1071° 9.38 x 107" 3.92 x 107*2 4.73 x 107"
18.1 53 x 107" 2.29 x 107" 2.82 x 107" 9.04 x 107 2.99 x 10712 3.09 x 107"
24.3 4.63 x 10714 2.44 x 1072 3.44 X 1071
38.4 7.55 x 107 7.64 X 10712 1.66 x 1071 2.38 x 107" 1.43 x 10712 2.20 x 107!
68.5 6.94 x 107%° 1.03 x 10712 2.89 x 107"
86.0 7.64 x 107" 1.13 x 1072 3.18 x 107" 3.81 x 107" 7.38 x 1071 2.47 x 197"
100.0 4.28 x 197" 3.26 X 1071 5.86 x 10712

10-10
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GRAIN BOUNDARY DIFFUSIVITY, D (n?/s)
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Zn CONCENTRATION (ai %)
Fig. 8 — Diffusivity vs Zn concentration.

although the diffusivities decrease with increasing Zn con-
tent in the alloy, large variations in the measured activa-
tion energies can be observed. For example, the activation
energy for grain boundary diffusion of Sn in Zn at 18.1 at.
pet Zn is 0.66 of that at 86 at. pct Zn, which in turn is close
to that for grain boundary self-diffusion in pure Zn parallel

to the c-axis, i.e., Q@ = 79.5 kJ/mol.® In addition, the
grain-boundary diffusivity might be either enhanced or re-
duced by the presence of impurity solute-atoms in the
grain-boundaries.®® For example, Juve-Duc et al® have
shown that reducing the impurity level in an austenitic steel
(18 pct Cr and 10 pct Ni) from 560 ppm to 5 ppm will have
little effect on the activation energy for lattice self-diffusion
but will dramatically increase the activation energy for
grain-boundary self-diffusion (Table VI). These authors ex-
plain their results by eventual variations of both grain-
boundary chemistry and grain-boundary structure with
changes in temperature. This corresponds with an expla-
nation put forward by Rosenberg’® for the solute effect based
on the interaction between solute atoms and the grain-
boundary defects. At a given grain-boundary structure,
solute-atoms™ might affect the grain boundary diffusivity
either by changing the atomic jump frequencies along the
grain-boundary or by influencing the exchange of atoms
between the grain-boundary and the lattice.

(b) Changes in grain-boundary structure and grain-
boundary precipitation. Grain-boundaries in metallic
materials invariably contain intrinsic grain-boundary
dislocations (IGBD) which are part of the boundary
geometry and topographical defects such as steps, ledges,
discontinuities, and so forth, which are formed during
processing.” In addition, during plastic deformation lattice
dislocations “run-in” the boundary, dissociate, and form
extrinsic grain-boundary dislocations (EGBD). The
EGBD’s in the boundary will interact with the IGBD’s and
the topographical defects, creating localized high strain en-
ergy regions which are preferential sites for nucleation and
growth of grain-boundary precipitates.” The effect which
such boundary precipitate might have on the grain-boundary
diffusion was shown in the work of Delannay, Huntz, and
Lacombe.” Investigating an 80 pct Ni-20 pct Cr alloy in the
temperature range between 1123 K and 1473 K (850 °C and
1200 °C), they observed at temperatures above ~1323 K

Table VI. The Effect of Impurity Solute-Atom Content on the Activation Energy for Self-Diffusion (after Ref. 69)

18-10 Austenitic 18-10 Austenitic

Steel 5 ppm Steel 560 ppm y-Iron

Impurities Impurities 99.99 Pct
Activation energy for lattice self-diffusion, Q [kI/mol] 280 213 255
Preexponential factor for lattice self-diffusion, Do[m?/s] 44 x 10°° 1.6 x 1077 4 x10°¢
Activation energy for grain-boundary self-diffusion, Q, [kJ/mol] 193 75 155
Factor P, for grain boundary self-diffusion [m®/s]* 3.6 x 107" 8.3 x 1078 3.8 x 107"

*P, = D, 0, where 8 = grain-boundary width and & = segregation coefficient for solvent.
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(1050 °C) preferential precipitation of Cry;Ce carbide at
grain-boundaries. Associated with the carbide precipitation
at grain-boundaries was a dramatic change in the value of
the activation energy for grain-boundary diffusion, while
the activation energy for lattice-diffusion remained un-
changed. Their results for 5'Cr diffusion are summarized
in Table VII.

(c) Correlation. If the dependence of steady-state strain
rate during superplastic flow on stress, temperature, and
grain size is expressed as

ekT [0) b\? {o\"
— 1 =Al=) |= 26
borr o) =l (@) oo
then by applying logarithms on both sides of Eq. [26]
we obtain

edP kT Q lea
In|[————} + = = ht
f (A D, G b”“) RT nln (G) [27]

Eq. [27] indicates that if n and p are constants and take the
same values for all superplastic materials, then a plot of log
(0/G) vs Q/RT at € d” = constant will yield a straight line.
Such a plot for several superplastic alloys is shown in Fig-
ure 9 for & d*> = 2.9 X 107" cm?per second. The data fall
onto two almost parallel lines and segregates according to
the diffusivity, e.g., either lattice or grain-boundary. The
major difference between the two groups is the value taken
by the intercept which, according to Eq. [27], is given by

ed’ kT
Intercept = 2.3 log (%)
0

For the superplastic alloys used in Figure 9, kT/Gb* changes
very little and, therefore, the difference in the intercept
value is due to the values taken by A and D,. The pre-
exponential factor D, has been shown in this section to be
sensitive to grain-boundary chemistry and structure and, as
will be shown in the next section, the parameter A is de-
pendent on the same factors. Hence, we might infer that due
to changes in grain-boundary chemistry and/or structure, the
deformation of several superplastic materials is controlied
by grain boundary diffusivities having values that are nu-
merically close to that for lattice self-diffusion for those pure
metals which constitute the major alloying element for such
materials. This suggestion is admittedly debatable at
present. More precise values of grain boundary diffusivity at
specific alloy compositions are required before a definite
conclusion can be drawn.

(28]

(4) Summary

(a) It is shown that it is not necessary to model the
stress/strain rate behavior in such a way as to explain the
variation of the strain rate sensitivity coefficient with strain

Table VII. *'Cr Diffusivity in an
80 Pct Ni-20 Pct Cr Alloy (after Ref. 72)

Temperature, T (K)

T <1323 K T >1323K
0, [kJ/mol] 264 264
Do[m?*/s] 2.2 x 1073 2.2 X 1073
0, [kJ/mol] 251 151
Dy, [m?/s] — 1.3 x 107
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rate. The m-values determined from strain rate change ex-
periments which show such dependence are related to the
mechanics of the plastic flow but not to the micromechanism
of the plastic flow.

(b) None of the proposed models for threshold stress
mechanisms can explain the experimental data. It is sug-
gested that in many instances concurrent grain growth dur-
ing deformation can rise to an apparent threshold stress.

(c¢) The identification of the rate-controlling diffusion
process during superplastic flow is extremely difficult due
to both the complexity of the grain-boundary diffusion
processes and the scarcity of data regarding the grain-
boundary diffusion in alloys. The values of activation ener-
gy for grain-boundary diffusion in alloys are, in many cases,
numerically close to those for lattice diffusion for pure base
metals. More careful investigations are needed in order to
establish if some of the reported and comparatively higher
activation energy values for superplasticity truly correspond
to that for lattice diffusion.

C. Additional Considerations

(1) Dislocation Pile-ups at and in the Grain-Boundaries
Spingarn and Nix* were the first to suggest that in the
models for superplasticity at high temperatures, the grain-
boundaries are unable to sustain the stress concentrations

resulting from dislocation pile-ups.
Gifkins? calculated that the stress at the head of the dis-
location pile-up, o,, is given by
o’ d
= — 29
%~ Gb (29]
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This stress cannot exceed the stress, oy, for each crack
formation, e.g.,™

Equating Eqs. [29] and [30] the critical applied stress, o,
(i.e., the applied stress which cannot be exceeded without
crack formation) is given by

96 G3 b2 v 1/4

Eq. [31] was used to calculate o, for several superplastic
alloys which Gifkins compared with the prediction from his
model.” The results are listed in Table VIII together with
the approximate minimum value of stress where Region II
is still observed, oy min. Similar calculations performed for
dislocation pile-ups inside the grains?*? revealed that for a
typical superplastic material the number of dislocations in a
pile-up which a grain-boundary can sustain is between three
and eight. Hence, it seems very likely that in the context of
accommodation process involving dislocation motion, it is
the climb of individual dislocations®?*® that will control
the rate of deformation and not climb from piled-up dis-
location arrays.

(2) Grain-Boundary Structure

In the course of this paper we have seen that grain-
boundary structure and grain-boundary processes dependent

Table VIII. o.-Values
Oer oymin
Alloy Ref. (MPa) (MPa)
Sn-Pb eutectic 75 4.48 = 10
Zn-22 pet Al 49 41.30 = 80
Zn-0.2 pct Al 76 52.70 =110
Pb-2.5 pct Tl 25 3.39 = 3
Cu-2.8 pct Al-1.8 pct 40 58.58 = 50
Si-0.43 pct Co
18 Y | T T T
4
16 Sol. Treatment “I
o 3 lus.
A 16 hrs.
14 -

12

10

MAXIMUM FLOW STRESS, * x 107 (dynes/cm?)

0 5 10 15 20 5 30
COLD WORK (%)

Fig. 10— The effect of prior cold work and thermal treatments on the flow
stress of Zn-22 pct Al eutectoid.
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on its structure such as grain-boundary precipitation will
have a major influence on diffusivity, on the magnitude and
nature of the threshold stress for deformation, and undoubt-
edly on grain-boundary sliding and migration.®®7"7"78
Therefore, it is important to consider changes in the grain
boundary structure which might affect the superplastic be-
havior of metals and alloys. For example, large variations in
the flow shear stress, T, with both the amount of cold work
and the time at the solution treatment temperature were
observed for a Zn-22 pct Al alloy with a grain size of 1.7 X
107* cm and tested at 503 K and y = 1.88 x 1075~
(Figure 10). Venkatesh and Murr” measured the ledge den-
sity in the grain-boundaries of a 99.9999 pct Al as a function
of thermomechanical treatments (Table IX). They observed
that the larger the number of lattice dislocations which inter-
sect with the grain-boundaries, the more apparent will be the
ledge structure in the grain-boundary as seen under the TEM.
Furthermore, the larger the number of lattice dislocations
generated by a particular thermomechanical treatment, the
larger the ledge density (Table IX). Similar observations
were made by Tangri and Malis® for pure nickel.

Studies of grain-boundary ledges* show that the ledge
density is sensitive to the boundary misorientation. Various
thermomechanical treatments will result in different distri-
butions of the boundary misorientation.® Tangri and Malis®
report that for pure nickel the grain-boundary defect density
decreases as the grain size decreases. Recently, Varin and
Tangri® studied the effect of grain growth during annealing
experiments in a high purity (0.01 wt pct C) austenitic
stainless steel on the spreading temperature, T, of extrinsic
grain-boundary dislocations (i.e., “run-in” lattice dis-
locations). They found that during grain growth the average
spreading temperature was 83 K higher than the average
spreading temperature for fully recrystallized specimens.
Since the low carbon content in their alloy makes the vari-
ations in carbon concentration at grain-boundaries (after
grain growth and recrystallization treatments, respectively)
very unlikely, they conclude that a marked difference in the
grain-boundary structure following grain growth is re-
sponsible for the observed differences.

We can try to correlate some of the above results with
observations of superplastic behavior of metals and alloys.
Grivas® investigated the effect of thermomechanical treat-
ments on the value of the substructure related parameter (A )
in the constitutive equation for superplastic flow of a Sn-Pb

Table IX. Effect of Thermomechanical Treatments
(Pure Aluminum, after Ref. 79)

Number

Thermomechanical Treatment Ledge Density Micron

1. Annealing

slow cooling 0.1
fast cooling 0.2
very fast cooling 0.6
2. Cold-Rolling
6 pct 0.1
18 pet 0.3
50 pct 0.5
3. Creep
o= 3MPa 0.2
o= 6MPa 0.5
o =12 MPa 4.0
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eutectic alloy. He found that for specimens prepared from
the same ingot but receiving different mechanical treat-
ments, the A -value increased with an increase in the amount
of plastic reduction at room temperature (Table X). The
results shown in Table X exhibit the same trend as the ledge
density values following cold-rolling (Table IX).

Only one model® attempts to incorporate features perti-
nent to the grain-boundary structure or the substructure in
general. A relation between the sliding unit, 4, in Eq. [13]
and grain-boundary ledge density can be seen as follows.
Extrinsic grain-boundary dislocations can move in the
boundary, giving rise to grain-boundary sliding.* The unit
of sliding will then be equal to the average interdistance
between the adjacent ledges in the boundary. An increase
in the ledge density will decrease & and will increase A
(Eq. [13)). Support for the view that A-values are mainly
related to the grain-boundary structure is obtained from
work in progress in our laboratory®® which strongly indicates
that cold-working a Ti-6Al-4V alloy for various amounts
prior to grain growth anneal will result in increases in
A -value in Region II but will leave A-values in Region III
(which are controlled by grain interior structure) essentially
unchanged. Such variation of the value of the parameter A

Table X. The Effect of Mechanical Working on A-Values
for Sn-Pb Eutectic Alloy (after Ref. 83)

depending on prior thermomechanical history has important
implication on the transition from the superplastic mech-
anism to the appropriate rate controlling mechanism in
Region 1. Thus, nominal similarity in the chemical com-
position and grain size are often not adequate to characterize
a superplastic material completely. At the same temperature
and strain rate, the resultant flow stress in Region I may still
differ between two groups of researchers'®¢:*>% pecause of
possible differences in the parameter A , which incorporates
some of the details of inherited grain boundary sub-
structure and its chemistry. As explained earlier, possibility
of grain growth in low strain rate Region I adds further to
this discrepancy.

Finally, the fact that the grain-boundary defect density
increases as the grain size increases,® as well as the fact that
the grain-boundary structure seems to change markedly dur-
ing grain growth treatments,® might be the reason for the
experimentally observed strong grain size dependence of the
strain rate within superplastic regime.

(3) Summary

(a) Grain-boundaries cannot support the stress concen-
trations resulting from the dislocation pile-ups in the bound-
ary under the applied flow stresses usually encountered in
superplastic region.

(b) During GBS, the accommodation process due to dis-
location motion is very likely associated with motion of

Initial Diameter ~ Final Diameter  Reduction individual dislocations and not with dislocations from piled-
X 107 (m) X 10 (m) (Pct) A-Value up arrays.
5.08 2.22 80 pet 2000 (c) The grain-boundary structure is very sensitive to ther-
3.81 2.22 66 pet 800 momechanical treatments and, in turn, the superplastic be-
2.54 2.22 24 pet 100 havior seems to be related to the grain-boundary structure.
Table XI. Summary of the Comparison of Various Models for the Rate-Controlling
Deformation Mechanisms with Experiment Theoretically Predicted
Experi- Ball-Hutch-
mentally  Ashby-  inson®™ + Hayden Spingarn-  Arieli-
Required  Verall” Mukherjee®® Mukherjee* Gifkins™**  Gittus* et al® Nix*®  Mukherjee®
1. Microstructural
a. Grain-boundary
sliding Yes Yes Yes Yes Yes Yes Yes Yes Yes
b. Grain-boundary
migration Yes * * * * * * * Yes
c. Equiaxed grain
shape Yes Yes Yes Yes Yes Yes Yes Yes Yes
d. Grain rotation Yes Yes * Yes Yes * * * Yes
e. 3-D grain
reatrangement Yes * * * Yes * * * Yes
f. Dislocation activity Yes * Yes Yes * * Yes Yes Yes
g. Dislocation pile-ups No No Yes Yes Yes Yes No No No
i. Grain-boundary struc-
ture related details Yes No No No No No No No Yes
2. Phenomenological
a. m = f(g) No Yes No No No Yes No Yes No
b. Grain-boundary ‘
diffusion Yes Yes Yes Yes Yes No Yes Yes Yes
c. Lattice self-diffusion No Yes No No No Yes* Yes No No
d. Threshold stress No Yes No No No Yes No No No

*Not predicted in the original paper but can be accounted for through grain-boundary sliding (see text — Section IV-A for discussion).

*Interphase diffusion
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V. FINAL SUMMARY AND CONCLUSIONS

1. The basic prerequisites for the manifestation of micro-

grain superplasticity are now well understood: a fine,
equiaxed and fairly stable grain structure, a temperature
equal to or higher than half the melting point in absolute
degrees, and a value of the strain rate sensitivity param-
eter approximately equal to 0.5.

. The dominant microscopic process in superplasticity is
grain boundary sliding (GBS). When a superplastic
specimen plastically deforms under stress, the specimen
changes shape. The shape change is brought about by
GBS and grain rotation. The specific micromechanism
that accommodates the stresses generated at triple points
due to GBS is the rate-controlling step.

. The superplastic model for GBS with diffusional accom-
modation (Ashby-Verall) has attractive features and ex-
plains topological features well. However, some of the
mechanical predictions of the model, e.g., a gradual
transition of the stress dependence of the strain rate, the
magnitude, the temperature and grain size dependence of
the threshold stress, the variation in the grain size de-
pendence of the strain rate, and a variable value of the
activation energy for the superplastic deformation often
are not in agreement with experimental results. However,
this model was the first to open the way for more realistic
consideration of the process of grain rearrangement that
typify superplastic deformation.

Models that describe accommodation process in-
volving dislocation pile-ups within the grains can de-
scribe the stress and grain size dependence of strain rate
in superplasticity reasonably well. However, it is ex-
tremely unlikely that grain boundaries can support the
stress concentrations resulting from such pile-ups under
the stresses and temperatures usually encountered in su-
perplasticity. The models that invoke accommodation
due to dislocation pile-ups at grain or interphase bound-
aries fare somewhat better. The most noteworthy ones
are due to Gifkins*>* and Gittus.” The latter model spe-
cifically considers two-phase material, and the activation
energy for superplasticity is that for interphase diffusion.

Among models for accommodation of GBS due to
motion of individual dislocations, that due to Hayden et
al® predicts a transition in activation energy from pipe to
lattice diffusion as a function of temperature, which is
contrary to experimental observations. The model by
Spingarn and Nix* depicts superplasticity as a transition
region with variable values for stress and grain size de-
pendence of the strain rate. The activation energy given
is that for grain boundary diffusion. As presently formu-
lated, this model does not take into account the important
topological features in superplasticity, i.e., neighbor-
switching events or equiaxed grain shape after extensive
strain, and so forth. A more recent model by Arieli and
Mukherjee® considers individual lattice dislocations in a
narrow region near the interfaces that climb directly into
or along the interfaces. The model takes into consid-
eration the grain boundary structure and suggests that the
substructure related parameter in the equation for super-
plastic strain rate will vary both with interface structure
and the structure in the narrow zone near the interface. It
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also incorporates the effect of grain boundary migration
on the strain rate. Although some of these substructural
parameters in this model need further experimental con-
firmation, the basic predictions of the model are in ac-
cord with experimental observations.

. The major microstructural characteristics in super-

plasticity are: extensive grain boundary sliding and mi-
gration that vary with type of interface, grain rotation and
three-dimensional grain rearrangement, maintenance of
essentially equiaxed shape even after considerable plastic
deformation, significant strain-induced concurrent grain
growth in many systems, and substantial dislocation ac-
tivity, the extent of which can vary from grain to grain.
Not all of the models for superplasticity explicitly ac-
count for these microstructural observations. However,
the assumption that grain boundary sliding is the domi-
nant deformation mechanism in two-phase materials in
superplasticity leads to the implicit inclusion of some of
these microstructural characteristics in the models.

. It is suggested that, for the identification of specific mi-

cromechanisms for deformation, the strain rate sensi-
tivity parameter, m, should be determined from log stress
vs log strain rate plot. The m-values determined from
cross-head velocity change type of experiments are more
closely related to the mechanics of plastic flow and re-
sistance to necking aspects.

. None of the proposed models for threshold stress can

explain the experimental data well. An alternate sug-
gestion in the literature, e.g. , in many instances concur-
rent grain growth during superplastic deformation can
also give rise to an apparent threshold stress, has not been
emphasized enough.

. The scarcity of data on the activation energy of grain

boundary diffusion in alloys makes the process of identi-
fication of the rate-controlling diffusional process in su-
perplasticity rather difficult. Most of the experimental
data suggests that the activation energy in superplasticity
is equal to that for grain boundary diffusion. However,
often very small changes in impurity or solute atoms can
make vast changes in the actual value for grain boundary
diffusivity. More careful investigations are needed in
order to establish if some of the reported and compara-
tively higher activation energy values for superplasticity
indeed correspond to that for lattice diffusion.

. The prior thermal and mechanical history of the speci-

mens can produce very large differences in the mechani-
cal results in superplasticity. Such large differences, in
spite of nominal similarity in chemical composition and
grain size, is very likely due to alteration in the signifi-
cant details of grain boundary substructure (and possibly
its chemistry) during the prior processing history. This
aspect needs to be investigated in more detail in future
experimental investigations.

LIST OF SYMBOLS

constant in grain growth equation
substructure related parameter in the con-
stitutive equation for high-temperature
deformation
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b
c

d,dy,d*

DO’DObﬂDOl 9D0p

DanaDl ’Dp’DIPB

e e T R I e Y

B

T’ TM, TC

0',0'0,0',,,0],0";[

T
t
Z

Q’ Qb’ er Qp

Burgers vector

time exponent in the equation for the
grain growth kinetics

grain size, initial grain size, and instanta-
neous grain size, respectively
preexponential factor, preexponential fac-
tor for grain-boundary diffusion, pre-
exponential factor for lattice diffusion,
preexponential factor for pipe diffusion,
respectively

diffusivity, grain-boundary diffusivity,
lattice self-diffusivity, pipe diffusivity,
and interphase-boundary diffusivity,
respectively

grain boundary width

line energy per unit length

true tensile strain

true tensile strain rate

shear modulus

grain-boundary free energy per unit area
true shear strain rate

parameter related to the sliding unit
distance

Boltzmann’s constant

empirical parameter, f (d,,, T, structure,
material), in semi-empirical equation
og=Ké¢

empirical parameter, f (d, T, structure,
material), in semi-empirical equation
oc=Ke"

strain rate sensitivity coefficient, = V/n
grain-boundary mobility

interface potential

stress sensitivity coefficient, = I/m
proportionality factor related to the aver-
age radius of curvature of curved
dislocations

atomic volume

grain size dependence of strain rate
coefficient

absolute temperature, absolute melting
temperature, and absolute critical tem-
perature, respectively

true tensile stress, threshold tensile stress,
tensile stress at the head of a dislocation
pile-up, fracture stress, and critical stress,
respectively

true shear stress

time

cut-off distance

activation energy, activation energy for
grain-boundary diffusion, activation ener-
gy for lattice diffusion, and activation
energy for pipe diffusion, respectively
grain-boundary misorientation
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