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Comparison of the ageing behaviour
of PM 2124 Al alloy and Al-SiC, metal-matrix
composite
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The ageing response of 2124 AI-SiC particulate metal-matrix composite (MMC) and unrein-
forced alloy has been examined using hardness measurements and Arrhenius analysis. The
formation of phases during precipitation has been studied using differential scanning calorime-
try (DSC). The MMC exhibits accelerated ageing compared to unreinforced alloy, due to
enhanced S’ formation. The activation energy for diffusion is lower in the MMC than in the
unreinforced alloy. DSC scans show Guinier—Preston B (GPB) zone nucleation to occur at a
lower temperature in the MMC, whilst the total volume of GPB zones formed is smaller than
in the unreinforced alloy. A model has been proposed to explain the GPB zone formation be-
haviour, in which ease of GPB zone nucleation varies within the MMC, as a function of ag-
eing time and of position within the matrix. S’ formation is enhanced in the MMC because of
improved diffusion and a large increase in density of heterogeneous nucleation sites compared

to the unreinforced alloy.

1. Introduction

One of the main factors limiting the use of Al metal-
matrix composites (MMCs) for engineering compon-
ents is a lack of property characterization in relation
to unreinforced Al alloys. This lack of data extends
from processing parameters to final mechanical prop-
erties. During ageing, for example, many MMCs ap-
pear to reach peak hardness faster than the corres-
ponding unreinforced Al alloy [1-11]. Most studies to
date, however, draw conclusions about the ageing
‘behaviour of Al MMCs from only one or two ageing
temperatures [1-9, 12, 13]. It is more useful to exam-
ine the ageing response of the MMC over a wide range
of temperatures and compare this directly with the
unreinforced Al alloy [10, 11, 14]. The present study
combines detailed hardness measurements, Arrhenius
analysis and differential scanning calorimetry (DSC)
to examine the differences in ageing between a partic-
ulate-reinforced MMC and the unreinforced matrix
alloy, over a range of ageing temperatures.

2. Experimental procedure

2.1. Material

The material is a 2124 (Al-Cu-Mg) alloy containing
20 wt % (17.9 vol %) of SiC particles (SiC,), with a
nominal particle size of 3-5 pm. The MMC was
produced via powder blending, canning, degassing
and hot isostatic pressing, followed by extrusion to
plate of 75 mm x 18 mm cross-section. The extrudate
was solution-treated at 505°C for 2 h and given a
1.5% permanent stretch. It had been naturally aged
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for one year prior to this study. Unreinforced 2124 Al
alloy was manufactured via the same production
route, although it was not stretched. All materials
were supplied by BP Metal Composites, Farnbor-
ough, UK.

The MMC was studied in two conditions: as re-
ceived (stretched and naturally aged) and re-solution
treated (505 °C for 2 h and cold-water quenched). The
unreinforced alloy was subjected to the same solution
treatment prior to examination,

Figs 1 and 2 show the microstructure of the two
materials. It is clear that solution treatment has not
resulted in recrystallization. The grains in the un-
reinforced alloy are elongated in the L direction (and
flattened in the T and S direction) producing a lath-
like morphology (Fig. 1). The approximate range of
grain sizes is 2~14 um in the S and T directions and 8
to 60 pm in the L (extrusion) direction. Stringers of
oxide and intermetallic particles were occasionally
seen running in the L direction.

In the MMC, the SiC, are generally well distribu-
ted, although some matrix-rich areas are seen, elonga-
ted in the L direction (Fig. 2). Oxide and intermetallic
stringers are also observed as in the unreinforced
alloy. It proved difficult to etch the grain structure in
the MMC clearly. Etching in Keller’s reagent for a few
seconds reveals the grain/sub-grain boundaries indi-
stinctly, as can be seen in Fig. 2. Etching for longer
periods exposes many sub-surface SiC, and obliterates
the matrix grains. Grain/sub-grain growth in the
MMC has obviously been limited by the presence of
the SiC,, with most grains/sub-grains stretching be-
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Figure 1 Optical micrograph of LT plane in the unreinforced Al
alloy.

Figure 2 Optical micrograph of LT plane in the MMC.

tween neighbouring particles. The limiting effect of
reinforcement on the grain growth of MMCs has been
observed before [15, 16]. The approximate range of
sub-grain sizes is 2 to 10 pm in the T and L directions
and [ to 7 um in the S direction i.e. the grain/sub-grain
structure is smaller in the MMC than in the un-
reinforced alloy.

2.2. Experiments
Ageing was carried out at a range of temperatures
between 110 and 210°C (+ 3°C). Specimens had
nominal dimensions of 10 mm x 10 mm x 5 mm.
The ageing response of each material was monitored
using Vickers macrohardness (10 kg load) measure-
ments. Microhardness measurements on this MMC
have been found to be too variable to be of use [17].
The hardness at each ageing interval was taken as the
mean of five readings. Three ageing runs were conduc-
ted at each temperature for each material, making a
total of 54 ageing curves.

Arrhenius analysis of MMCs is not often reported,

presumably due to the difficulty of obtaining reliable
data. Both macro- and micro-hardness testing meth-
ods are open to criticism when used for Arrhenius
analysis. Microhardness measurements, whilst being
adequate to give an idea of the ageing behaviour of an
MMC at a particular temperature, are probably too
variable to produce accurate Arrhenius data at a wide
range of ageing temperatures. Previous work by the
current authors showed large fluctuations in the
microhardness of the same MMC specimen at differ-
ent points in the matrix [17]. This was attributed to
the variable impingement of sub-surface SiC,. For the
present MMC this makes microhardness readings
unsuitable for Arrhenius analysis. On the other hand
it can be argued that macrohardness measurements,
being a measure of the MMC hardness as a whole,
should not be used in Arrhenius analysis which deter-
mines a property for the matrix alone.

A previous study involving Arrhenius analysis of
MMC ageing used macrohardness measurements and
the present authors have continued with this method
[117. The use of a 10 kg load ensures that the indenta-
tion is large enough not to be influenced by individual
SiC particles, and an average hardness of the whole
composite is measured. The hardness contribution of
the SiC, will shift the whole ageing curve to a higher
hardness level. Since the SiC, are not affected by the
ageing process, however, their effect is constant and no
shift in the ageing curve with time should be induced,
other than that associated with the change in ageing
response of the MMC matrix compared to the un-
reinforced alloy. Since Arrhenius analysis uses only
the time to peak hardness and temperature of ageing,
and does not use the absolute hardness values, the use
of macrohardness measurements 1s still valid.

If it is assumed that (i) peak hardness corresponds
to the same level of transformation in each case and (ii)
ageing temperatures are low enough for the trans-
formation to be diffusion controlled, then the activa-
tion energy for diffusion can be determined from the
time to peak hardness. The Arrhenius equation for
diffusion states that, for a given temperature [187:

D = Doexp<—;?Q> 1

where D = diffusion coefficient, D, = material con-
stant, Q = activation energy for diffusion (J mol~ '), R
= universal gas constant (8.34 J deg ' mol ) and T
= temperature (K). This can be written as:

1
loghy — %(7) 2

D may be replaced with 1/t where ¢ is the time to peak
hardness, so that a plot of log(1/t) against 1/T for a
range of temperatures should be linear with gradient
— Q/2.3R, allowing the activation energy for diffu-
sion, O, to be calculated.

DSC tests were conducted on each material in the
non-artificially aged condition, within 30 min of quen-
ching where solution treatment had been applied. A
Perkin Elmer DSC7 was used with a scanning rate of
10°C min ™!, a nitrogen purge gas and sample weights

logh =
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of between 10 and 20 mg. Since the SiC, play no part
in the formation of the DSC curves, the effective mass
of the MMC samples was taken as

(Sample mass)effective = (sample mass)actual
— Mass of SiC particles (3)

The SiC, content of the MMC is 20 wt %. Three
separate scans were made for each material to test the
reproducibility of results.

3. Results and discussion

3.1. Hardness curves

Fig. 3 plots peak hardness against time to peak hard-
ness for the materials. Data points in Fig. 3 are the
mean of the three ageing curves generated at each
temperature. The expected trend of increasing peak
hardness and increasing time to peak hardness with
decreasing ageing temperature is observed in all cases.
The stretched MMC gives consistently higher hard-
ness for a given ageing time than the re-solution
treated MMC. This may be partly due to dislocation
strengthening, but is thought to arise mainly from the
more homogeneous and finer precipitate distribution
resulting from stretching. Improvements in strength
and hardness on ageing are commonly seen after
stretching in both unreinforced alloys [19,20] and
MMCs [21].

The two MMCs exhibit accelerated ageing (i.e.
shorter times to peak hardness) at all temperatures
compared to the unreinforced alloy. This is shown
more clearly by the conventional ageing curves of
Fig. 4. Such accelerated ageing has been attributed to
easier precipitate nucleation and growth because of
the increased dislocation density in the MMC matrix
[2, 3]. The dislocations are generated as a result of a
mismatch of thermal expansion coefficients between
the Al matrix and SiC, [22]. The assumption of easier
precipitate formation in MMCs will be examined in
Sections 3.2 and 3.3.
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Figure 3 Variation in peak ageing condition with ageing temper-
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MMC and (- - -} stretched MMC. Ageing temperature (A)
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Figure 4 Ageing curves at 170°C for (M) unreinforced solution-
treated alloy, (A) solution-treated MMC and {O) stretched MMC.

The initial drop in hardness seen in all ageing curves
of the stretched MMC (Fig. 4) has been attributed to
dissolution of Guinier—Preston B (GPB) zones formed
during natural ageing [23]. The stretched MMC also
shows slightly longer times to peak hardness than the
re-solution treated MMC (Figs 3 and 4). This is the
opposite trend to the commonly observed behaviour
in unreinforced Al alloys [19,20] and has been at-
tributed to an increased incubation period for §
formation [23] brought about by the extended natural
ageing of this MMC and a resultant lack of available
solute in solution.

3.2. Activation energies for diffusion

Fig. 5 shows the Arrhenius plots for the three mater-
ials. The activation energy for diffusion in the un-
reinforced alloy is found to be 147 kJ mol~!. This is
similar to that previously determined (158 kJ mol™1)
for the peak aged condition in Al-Cu-Mg alloys [24].
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Figure 5 Arrhenius plots for (M) unreinforced solution-treated
alloy, (A) solution-treated MMC and (O) stretched MMC.



TABLE I Diffusion data for Al alloys

Type of diffusion Q (kJ mol™?)
Bulk diffusion—Al in Al 123-126
Bulk diffusion-Cu in Al 126-136
Bulk diffusion-Mg in Al 115130

Bulk diffusion—Cu in Al/Cu 120

Bulk diffusion-Al + Cu in Al-Cu 122-130
Grain boundary diffusion-Al in Al 60-87
Grain boundary diffusion—Cu in Al 105
Grain boundary diffusion-Cu in Al-Cu 100
Grain boundary diffusion-Al + Cuin Al-Cu  84-98

A survey of the data for elemental diffusion in Al
alloys is given in Table I [25-28]. This shows that the
value of Q obtained for the unreinforced alloy is above
the values for bulk diffusion, presumably due to the
competitive diffusion of several solute elements in the
unreinforced alloy, whereas the data in Table I were
obtained in pure Al or simple binary systems.

The activation energy for diffusion is calculated to
be 114 kY mol ! in the stretched MMC and 118
kJ mol™! in the re-solution treated MMC. These
values are somewhere between the values for bulk
diffusion and grain boundary diffusion in Table I. The
stretched MMC might be expected to show a lower
activation energy because of the increased density and
homogenization of dislocations. Although this is the
case, the similarity of the activation energies for the
two MMCs suggests that stretching the MMC has
only a minor effect on diffusion. This is to be expected
since the effect of the dislocations produced during the
stretch is likely to be small compared to the high
dislocation density already induced by the thermal
mismatch stresses.

The values of Q in the MMCs are approximately
21% lower than for the unreinforced alloy, suggesting
that diffusion is easier in the MMCs. Unfortunately,
there are few published data in this area with which to
compare the current results. Nieh and Karlak [11],
working on 6XXX matrix MMCs, found the same
trend as in the current work with the activation energy
for diffusion being 37% lower in the MMC than in the
unreinforced alloy. Nieh and Karlak attributed the
reduction in activation energy for diffusion in the
MMC to enhanced diffusion of solute along disloc-
ations to growing intermediate precipitates. This is
likely to be the case in the current MMC, with addi-
tional diffusion along the SiC,—matrix interfaces also
contributing. The MMC also has a larger grain
boundary area than the unreinforced ailoy, due to the
smaller sub-grain size, and this is also likely to con-
tribute to enhanced solute diffusion.

3.3. Differential scanning calorimetry

Fig. 6 shows representative scans for the three mater-
ials. Each scan consists of an exothermic trough at
approximately 65°C, an endothermic peak at
200-230°C and an exothermic trough at approxim-
ately 260 °C. These have previously been attributed to
GPB zone formation, GPB zone dissolution and §'
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Figure 6 Representative DSC. scans for (- — —) solution-treated

alloy, (——) solution-treated MMC and (——) stretched MMC.

formation, respectively {1,29,30]. No GPB zone
trough occurs in the stretched MMC, suggesting that
it contains a high density of GPB zones, formed
during natural ageing, with little further formation
during the DSC scan. The trough corresponding to S’
precipitation does occur in the stretched MMC, indic-
ating that no appreciable quantity of S’ has developed
during natural ageing.

The onset temperatures, peak temperatures and
peak enthalpies for the materials are given in Table I1.
The three DSC scans for each material gave consistent
results, as indicated by the low values of standard
deviation (oc,). Onset temperatures mark the point at
which precipitate nucleation begins, whilst the peak
temperature corresponds to the point of maximum
enthalpy of formation. The area inside the DSC
troughs is the total enthalpy of precipitate formation
and gives an indication of the total volume of pre-
cipitate formed [31].

3.3.1. GPB zone formation

The GPB zone peak enthalpy is 53% lower in the re-
solution treated MMC than in the unreinforced alloy.
This phenomenon is commonly seen [1, 29, 30] and
has been explained in terms of the free vacancy con-
centration. The high dislocation density in the MMCs
in the as-quenched condition leads to the vacancy
concentration being much lower than in the unreinfor-
ced alloy, because dislocations act as vacancy “sinks”.
Vacancies are required for the nucleation of GPB
zones so fewer stable GPB zones are formed in the
MMC [29, 32]. The fact that fewer GPB zones form in
the MMC is confirmed in this and other work [29, 33]
by the enthalpy of GPB zone dissolution being less in
MMCs than in unreinforced alloys, as measured on
DSC scans.

The onset and peak temperatures of GPB zone
formation are reduced in the re-solution treated
MMUC compared to the unreinforced alloy. This sug-
gests that GPB zone nucieation requires a lower
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TABLE II Data from DSC scans

Material GPB onset GPB peak GPB peak S’ onset 'S’ peak S’ peak

temperature temperature enthalpy temperature temperature enthalpy

(°C) Q) (J mol™ 1) (°C) Q) (J mol™Y)
Unreinforeed Al alloy 51.8 67.3 9.3 252.5 264.7 54

o, =07 o, =07 c,=16 c,=09 c,=03 o, =08
Resolution treated MMC 444 64.5 55 2192 2555 244

o, =34 o, =08 o,=03 o, =17 o,=12 o, =25
Stretched MMC - - 0.0 217.3 255.8 20.7

o, =3.1 o, =18 o, =33

driving force in the MMC. This appears to conflict
with the “decreased vacancy content” idea which leads
to the expectation that onset and peak temperatures of
GPB zone formation would be higher in the MMC
[32], as has occasionally been observed experi-
mentally [29]. A significant number of studies, how-
ever, confirm the observed reduction in GPB zone
onset and peak temperatures [1, 7, 30, 34]. The onset
and peak temperatures have been also found to de-
crease as the reinforcement content increases [7, 34].

A mechanism to explain the apparently contra-
dictory observations of enhanced GPB zone nucle-
ation but decreased GPB volume in the MMC re-
quires the existence of two types of location within the
MMC, each with different precipitation capabilities.
In a particulate MMC such regions would be (i) the
high dislocation density, high strain zone around SiC,
and (ii) the bulk matrix away from reinforcement. It is
suggested that GPB zone formation then occurs by
the following mechanism, which is consistent with the
current DSC results and detailed microstructural in-
vestigations reported in the literature.

1. During quenching from the solution treatment
temperature the SiC, cool more slowly than the ma-
trix, since the particles have a lower thermal conduct-
ivity. This results in the matrix around SiC, (region (i))
being warmer than the bulk matrix (region (ii)). Diffu-
sion of vacancies and solute atoms will occur to the
higher solubility of the particle-matrix interfacial re-
gion, so that at the onset of ageing region (i) is vacancy
and solute rich [34]. GPB zone formation will, there-
fore, be promoted in this region.

2. Around the SiC, (region (i)) the local stress field
may also encourage GPB zone formation. Such an
effect has been observed during artificial ageing of an
Al-Cu alloy [35]. When a compressive stress was
applied during ageing, GP zones formed preferentially
on [100], planes perpendicular to the applied stress.
Similar behaviour has been observed for 8 in an
Al-Cu/SiC, MMC, where 0 precipitation was en-
hanced in certain orientations with respect to the local
thermal expansion mismatch stress [36]. The GPB
zones in the present case are Cu-rich [37] and so have
a negative misfit parameter. Since GPB zones are rod-
shaped [38], their alignment with the local stress field
so that their sides are perpendicular to any com-
pressive stress could lead to a significant reduction in
strain energy and hence promote GPB zone formation
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in the SiC, interfacial region (region (i)). This could
contribute to the reduced GPB zone onset temper-
ature on DSC scans.

3. The high dislocation density in the interfacial
region provides many sites for vacancy annihilation
and as ageing progresses the vacancy density rapidly
decreases. So after an initial period of easy GPB zone
nucleation in region (i), nucleation and growth be-
come increasingly difficult, and the total volume of
GPB zones formed in the interfacial region is small.

4. The initial vacancy concentration in the bulk
matrix (region (ii)) will be lower than in region (i),
resulting in the initial GPB zone nucleation rate being
lower in the bulk. The annihilation of vacancies dur-
ing ageing will be slower in the bulk than in region (i),
however, due to the lower local dislocation density. So
after the initial period of rapid GPB zone nucleation
in the interfacial region, GPB zone nucleation and
growth will become energetically easier in the bulk
matrix. Thus, during the complete ageing cycle, the
total amount of GPB zones formed in the bulk may be
greater than in the interfacial region, as has been
observed using TEM on a 2XXX matrix MMC [36].

5. The total GPB zone density in the MMC matrix
will, however, be lower than in the unreinforced alloy
because of the overall increased vacancy annihilation
at dislocations during ageing.

3.3.2. §' formation

The S’ onset and peak temperatures are the same in
both MMCs. Although the stretched MMC has a
lower S’ enthalpy, the standard deviation shows that
this is not significant. These observations are un-
expected since stretching has been shown to decrease
the peak S’ temperature and to increase the peak
enthalpy in both 2XXX alloys and MMCs [21], be--
cause of the enhanced dislocation density. It has been
noted, however, that the enhancement of S’ formation
in stretched MMC compared to unstretched material
decreases as the reinforcement content increases [21],
so that at additions of 20 wt % little difference is seen.
This is presumably due to the strong effect of the
thermal mismatch dislocations, which swamp any ef-
fect of the stretch. This is shown further. by work on
cold rolling of a 6XXX matrix MMC. At reinforce-
ment levels of 15 vol %, reductions of up to 75% have
minimal effect on the DSC traces of intermediate
precipitates [39].



The S’ peak occurs 9 °C lower in the MMCs com-
pared to the unreinforced alloy as is commonly noted
[1, 30], suggesting that S’ nucleation occurs more
readily in the MMCs. S’ nucleates heterogeneously on
dislocations and will therefore benefit from an in-
crease in dislocation density such as is found in the
MMCs [32]. The surface of SiC, may also provide
preferential nucleation sites for intermediate precipita-
tes [40, 41]. The enthalpy of S’ formation in the Al
alloy is approximately 20% of that of the two MM(Cs.
This suggests that not only is S’ nucleation made
easier in the MMCs but that S’ growth is encouraged
compared to the unreinforced alloy. TEM observation
has shown a high concentration of S’ near the
matrix—particle interface, indicating the importance of
dislocation density for §' formation |30, 32]. Several
studies have seen a reduction in the peak enthalpy of
S’ formation in MMCs compared to the unreinforced
alloy [1, 29, 30] which has been linked in one case to
an apparent retardation of S’ precipitation in the
MMC [1]. This has been attributed to a higher inter-
metallic content in the MMC compared to the un-
reinforced alloy due to incomplete solutioning [1],
resulting in much of the solute being unavailable for §
formation.

Image analysis was used to assess the intermetallic
content of the current materials using photomicro-
graphs of long-transverse sections polished and etched
in Keller’s reagent. The intermetaliic contents were 8.8
vol % in the stretched MMC, 5.6 vol % in the re-
solution treated MMC and 6.3 vol % in the re-
solution treated alloy. The MMC values were correc-
ted to account for the 17.9 vol % of SiC,. The sim-
ilarity of these intermetallic contents, compared to the
large differences seen by Hunt et al. [1], means that
the precipitation behaviour is unlikely to be affected
by the relative intermetallic content of the materials in
the current study.

4. Conclusions

1. Ageing is accelerated in the MMC compared to
the unreinforced alloy. The trend for increased peak
hardness and increased time to peak hardness as the
ageing temperature is decreased is, however, un-
changed.

2. Stretching of the MMC results in higher hard-
nesses at all stages of ageing.

3. Activation énergies for diffusion are lower in the
MMC than in the unreinforced alloy, due to enhanced
diffusion along dislocations, SiCp—matrix interfaces
and grain boundaries.

4. GPB zone nucleation is accelerated in the MMC,
whilst growth is retarded.

5. S’ nucleation and growth is much increased in
the MMCs, compared to the unreinforced alloy, be-
cause of enhanced diffusion of solute and increased
density of heterogeneous nucleation sites in the MMC.
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