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Microstructural features and final
mechanical properties of the iron-modified
Al-20Si-3Cu-1Mg alloy product processed
from atomized powder
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The potential piston alloy Al-20Si-5Fe-3Cu-1Mg has been experimentally extruded from
rapidly solidified powder, and subsequently heat treated. The effects of adding iron to the
alloy on the microstructural evolution during the solution and ageing treatment subsequent to
extrusion have been examined. The study shows that iron-bearing intermetallic particles
modify the recrystallization behaviour of the present alloy during solution treatment at 470°C
in a complex way, through blocking the migration of recrystallized grain boundaries from par-
ticle-depleted areas, and pinning subgrain boundaries in particle-rich areas, thus leading to a
partially recrystallized duplex structure in the final product. The observed two-fold role of the

intermetallic particles is a consequence of their inhomogeneity in distribution, which in turn
results from the processing history of the powdered alloy. It is also observed that, in the
presence of the intermetallic particles, the excessive coarsening of the silicon particles dis-
persed in the «-Al matrix (as occurs to the base alloy during the heat treatment) is lessened.
The retained subgrain boundaries provide heterogeneous nucleation sites for precipitation
occurring during ageing. Most of the precipitates are characterized by being associated with
iran, and the precipitating behaviour of copper and magnesium in the present alloy with the
iron addition is accordingly altered. The resultant tensile properties of the alloy at room and
elevated temperatures have been assessed, with reference to those of the base Al-Si—-Cu—Mg
alloy. The results indicate that the present alloy with the iron addition has a fairly high hot
strength up to a temperature of 300 °C, which offers an important improvement ensuring its

reliable application in automotive engines.

1. Introduction

Hypereutectic Al-Si alloys are known to be suitable
for use as piston materials. The key to the easy
processing and successful application of the alloys lies
in producing and maintaining a microstructure with
very fine silicon particles throughout a fabrication
cycle. In order to achieve this, various modifications in
alloying composition have been made. Addition of
sodium, strontium or phosphorus has been found to
be effective in suppressing the formation of coarse
primary silicon particles in the as-cast microstructure
of the alloys [1-3]. Also, new techniques such as
rheocasting [5, 6] and rapid solidification have been
developed. Among these techniques, rapid solidifica-
tion appears to give the most marked benefits, and
thus has been an area of immense interest in recent
years. Numerous processes, from splat quenching,
rotating water atomization, gas atomization and
spray deposition to melt spinning, have emerged
[7-11]. Moreover, further attempts to reduce the
silicon particle size have been made by combining the
two approaches, that is, adding a refining element like
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strontium, chromium or cobalt and at the same time
applying rapid solidification [12, 13]. Application of
the above processes can offer a satisfactory solution to
the Al-Si alloy production, although the extent de-
pends critically on the particular type of processes
employed and the processing conditions. Therefore, in
general, the primary problem of coarsened silicon
particles initially encountered in the hypereutectic
Al-Si alloy fabrication has been solved. Lately, at-
tention has been shifted to further improvement in the
service properties of rapidly solidified Al-Si alloys, hot
strength in particular, because the alloys are required
to serve at high temperatures, for example in auto-
motive engines. In order to ensure their reliable ap-
plication in such a service condition, a modification in
alloying composition, specifically aimed at enhancing
their thermal stability, has been introduced.

Iron is often added to aluminium alloys to enhance
their heat resistance. Added in a certain percentage to
Al-Si alloys, it forms a volume fraction of thermally
stable intermetallic phases, and as a result gives a
considerable improvement in the high-temperature
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performance of these materials. This improvement has
recently been reported in several communications
[14-16]. Apparently, a modification in the chemical
composition of the alloys leads to an alteration in the
structure and resultant properties. However, no de-
tailed work regarding the effects of iron addition on
the characteristics of the processing, microstructure
and mechanical properties of the rapidly solidified
AL-Si alloys at each stage of a fabrication cycle has
been reported, despite its obvious importance. In a
previous paper [17], we have described the micro-
structural development, from the atomized powder
particles to the consolidated extrudates of the
Al-20Si-3Cu-1Mg alloy with 5% iron addition. The
current work focuses on the subsequent part of the
integral processing cycle of the alloy: the effects of iron
addition on the microstructural evolution during solu-
tion and ageing treatment following consolidation,
and its impact on the mechanical properties of the
final product at room and elevated temperatures.

2. Experimental procedure

The alloy, with a nominal composition of 20 wt % Si,
5wt % Fe, 3 wt % Cu, 1 wt % Mg and balance alumi-
nium, was supplied by Showa Denko K. K., Japan, in
the form of air-atomized powder. The characteristics
of the as-received powder particles and the details of
sequential processing including. precompaction,
degassing and extrusion have been described at length
in a companion paper [17]. Here only the extrusion
conditions that are directly related to the subsequent
heat treatment response of the alloy are given. The
consolidation of the powder by extrusion was per-
formed at a temperature of 375 °C, a reduction ratio of
20:1, and a ram speed of 5mms~ 1.

As this alloy contains the precipitation strengthen-
ing elements copper and magnesium, a solution and
ageing treatment is generally regarded as normal prac-
tice in order to develop the full strength of the final
product. In the present work, a commercially used
scheme of heat treatment for the alloy series, T6
temper, was applied: this involved solution treating at
470°C for 1.5h followed by water quenching, natural
ageing for 4 days, and artificial ageing at 120°C for
24 h.

The microstructure of the iron-modified Al-Si-
Cu-Mg alloy before and after the heat treatment was
observed and compared with that of the base alloy.
Specimens for optical and electron microscopy were
prepared on transverse sections of the extruded and
subsequently T6-tempered product. The optical speci-
mens were etched with a dilute Keller & Wilcox’s
reagent, and observation was made by means of a
Neophot-2(Carl Zeiss, Jena) microscope. The foil spe-
cimens for transmission electron microscopy were
finally thinned using an ion mill at a current of 0.5 mA
and a gun inclination of 20°. A Philips 400 T electron
microscope operating at 120 kV was used for observa-
tion, and the attached X-ray energy dispersive spectro-
metry (EDS; Tracor system) was used to aid phase
identification.

Tensile tests on the alloy at room and elevated
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temperatures, in both the as-extruded and as-heat
treated states, were carried out at an initial strain rate
of 5.6 x 1073 s~ 1. A Tira test 2300 machine with a split
furnace was used. Cylindrical specimens were ma-
chined to be coaxial with the extrusion direction and
to have a gauge léength to diameter ratio of 5. They
were heated at their testing temperatures for 100 h
before testing so as to simulate the service conditions
of the alloy. The fracture surfaces of the specimens
were observed using a Jeol JXA-50A scanning electron
microscope (SEM) at 15kV.

3. Results and discussion
3.1. The effect of iron addition on
recrystallization behaviour
Fig. 1a presents a typical micrograph of the extruded
alloy prior to the heat treatment, which depicts pre-
dominantly a deformed microstructure. It features
numerous microcells associated with second-phase
particles, even though some preliminary recrystalliza-
tion at some preferential sites (for example, nearby
silicon particles) can be observed, as shown in Fig. 1b.
The general as-extruded microstructure of the present
alloy is not significantly different from that of the base
Al-Si-Cu-Mg alloy processed under the same condi-
tions [18].

As the alloy has undergone a large deformation
during extrusion which has introduced a high stored-
strain energy, the alloy has a strong driving force to be
statically recovered and recrystallized afterwards, de-
pending on temperature and time. Soaking at 470°C
for 1.5h during the solution treatment in the T6
temper, as applied to the extruded alloy, principally
permits extensive restoration, unless there is a large
resistance. The presence of a high volume fraction of
silicon particles in the present alloy, with sizes ranging
from 0.5 to 3 pm, generally promotes the nucleation of
recrystallization [19, 20]. Moreover, during solution
treating the dissolution of copper- and magnesium-
bearing precipitates in the alloy, which have been
formed before the heat treatment, further facilitates
the completion of restoration. This is because the
precipitates which are associated with subgrain
boundaries or cell walls can easily dissolve in view of a
relatively higher energy there. As a result, the barriers
to the motion of subgrain and grain boundaries (ar-
rows, Fig. 1b) are lifted. Therefore, according to the
kinetic theory of recrystallization which has been
developed primarily for conventional aluminium
alloys, the T6 temper heat treatment seems to enable
most of the worked microstructure to be recrystal-
lized, as observed in the Al-Si—-Cu-Mg base alloy (Fig.
2). However, the observation of the present iron-
modified alloy after the full treatment reveals a
different microstructure that consists of a mixture of
deformed, unrecrystallized and recrystallized grains,
as shown in Fig. 3. The former is characterized by
clustered second-phase particles, while the latter lacks
interior particles. In comparison with Fig. 2, which is
obtained under the same processing conditions, the
difference in the resultant recrystallization level obvi-
ously arises from the addition of iron which forms a



Figure I Electron micrographs of Al-Si-Fe-Cu-~Mg alloy in the as-extruded state, showing (a) numerous microcells associated with second-
phase particles, and (b) occurrence of preliminary recrystallization in the vicinity of large particles.

Figure 2 Electron micrographs of Al-Si-Cu-Mg base alloy in the as-T6 tempered state, showing (a) recrystallization stimulated by silicon

particles, and (b) recrystallized grains depleted of interior dislocations.

high volume fraction of indissoluble intermetallic
particles. It should be noted that these particles are
not homogeneously distributed, but in clusters, as can
clearly be seen from Fig. 3. This kind of inhomogen-
eous distribution on a microscale is a common feature
of the complex microstructure of practical, technolo-
gically important alloys. Although only a few invest-
igations on restoration processes have been devoted to
such non-ideal, complicated aluminium alloys, it has
been recognized that the inhomogeneity in fine-par-
ticle distribution can exert a considerable influence on
the mechanisms of recrystallization [21]. For the pre-
sent alloy, the formation of the inhomogeneity in the
intermetallic particle distribution is obviously related
to its processing history. During atomization, inter-
metallic phases are formed in a size range strongly

related to the powder particle size with a wide varia-
tion [17]. More importantly, during extrusion the
intermetallics, initially present in needles with differing
sizes in the atomized powder particles, are broken up
and redistributed by metal flow, thus giving rise to a
marked variation in interspacing between the frag-
mented intermetallics. The influence of these inhomo-
geneously distributed intermetallic particles on the
recrystallization behaviour during the heat treatment
is of considerable interest. The effect of the copper-
and magnesium-bearing precipitates on the evolution
of the matrix microstructure during solution treating
is considered to be of relatively minor importance,
because the recrystallization is assumed to take place
after their dissolution during solution treating but
before their reprecipitation as a response to ageing.
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Figure 3 Electron micrograph of Al-Si-Fe-Cu-Mg alloy in the as-
T6 tempered state, showing a partially recrystallized structure.

It can be seen from Fig. 3 that in the particle-
depleted areas, the original deformed microstructure
is recrystallized to be essentially free of dislocations.
However, the growth of recrystallized grains is
hindered by clusters of second-phase particles. In
some recrystallized areas, faint traces of original sub-
grain boundaries which are usually attached to the
fine particles are still observable at very high
magnification in the electron microscope (Fig. 4). It is
confirmed that most of the recrystallized grains are
indeed originated in the vicinity of relatively large
particles, near either silicon particles or intermetallic
particles, as shown in Fig. 5. This implies that in these
areas the major recrystallization mechanism is nuclea-
tion of new grains, rather than subgrain rotation and
subgrain boundary migration. The electron micro-
graph shows that the recrystallized grains are moving
into the surrounding deformed matrix. X-ray EDS

Figure 4 Recrystallized area in Al-Si-Fe-Cu-Mg alloy after T6
temper, illustrating traces of original subgrain boundaries linked
with a second-phase particle.

indicates that the intermetallic particles are alumi-
nium based, containing iron and silicon. Electron
diffraction analysis together with the phase constitu-
tion analysis of Al-Fe-Si alloys [22], suggests that the
particles are likely to be B-AlFeSi equilibrium phase
[23]. No appreciable coarsening of intermetallic par-
ticles during solution treating can be observed, con-
firming their high thermal stability.

Interestingly, there is evidence that some recrystal-
lized grain fronts have passed round scattered, single
particles, and left them behind with dislocation loops,
as illustrated in Fig. 6a. The detachment of the
recrystallized grain boundaries from the particles in-
dicates that in this case the driving force for recrystal-
lization overcomes the resistance exerted by the
particles:

Frp > 3fy/2r

Figure 5 An intermetallic particle and its diffraction pattern, with multiple recrystallization nucleation occurring around it.
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Figure 6 Electron micrographs showing (a) recrystallized grains growing into deformed matrix and passing round the single particles, and (b)

growth of recrystallized grains blocked by clusters of particles.

where Fy is the driving force for recrystallization, f
and r are the volume fraction and radius of second-
phase particles, respectively, and v is boundary energy
per unit area. The present study confirms that the
interspacing between dispersed particles is a decisive
factor for the growth kinetics of recrystallized grains.
It means that passing round closely spaced particles is
much more difficult and thereby an increased thermal
energy is required. Fig. 6b shows that only the
particles in a cluster can prevent the migration of
recrystallized grain front composed of grouped
dislocations. This phenomenon can easily be observed
by manipulating the tilt controls of the microscope.
Because the intermetallic phases in the present alloy
are very stable, heating to a higher temperature may
still not allow extensive recrystallization to occur.
Hence the inhibited grain growth in the deformed
matrix can be one of the inherent features of the
worked alloy with a high volume fraction of indi-
ssoluble particles. It is also found that in a few regions
no blocking particles around recrystallization nuclei
are observable, but their growth into the deformed
matrix is stopped without apparent reason. The im-
plication is that a state of balance between growth and
resistance is attained there. This phenomenon has also
been noticed in other aluminium alloys [24, 25], and
may be attributable to the reduced driving force of
some recrystallization nuclei and differing growth
circumstances. As a result of the recrystallization
characteristics exhibited by the present alloy, many
recrystallized grains are found to be irregular in shape,
some being island shaped and surrounded by defor-
med matrix, and their sizes varying greatly between
0.2 and 1.0 um.

The unrecrystallized areas are usually rich in
second-phase particles, which pin either dislocation
tangles of high density or distinct subgrain bound-
aries, as indicated by the arrows in Fig. 7. During
heating and soaking, the original microcells merge to
a certain extent into well-defined subgrains, and the

subgrain boundaries become thinned. The typical de-
formed structure in these areas, however, is almost
unaltered, as compared to the microstructure in the
as-extruded state [17]. Evidently, in the areas with
fine, closely spaced particles the nucleation of new
recrystallization nuclei is effectively suppressed. More-
over, subgrain coalescence, as an alternative mech-
anism of recrystallization, cannot be operative be-
cause the subgrain boundaries are strongly pinned by
the intermetallic particles, especially at triple junc-
tions. Consequently the exposure of the present alloy
to 470°C for 1.5h in the T6 temper cannot bring
about complete recrystallization, and thus the worked
structure in the particle-rich areas is retained. The
present study on this highly -alloyed aluminium sup-
ports a previous finding that the influence of fine
particles on the static recrystallization rate can be
more than three orders of magnitude [26].

From the above, it is clear that the clusters of iron-
bearing intermetallics in the present alloy simultan-
eously play a dual role, that is, blocking the growth of
recrystallized grains from particle-depleted areas as
discussed earlier, and pinning the migration of sub-
grain boundaries in particle-rich areas. This two-fold
role is apparently assigned by the inhomogeneous
distribution of the particles, as a consequence of the
processing characteristics of the alloy prepared from
atomized powder. This kind of complex influence of
the second-phase particles, although often encoun-
tered in commercial alloys [27], is difficult to observe
in the simple aluminium alloys usually used in re-
crystallization studies. The current work suggests that
generalizing the influence of second-phase particles on
recrystallization mechanisms is difficult, particularly
for the rapidly solidified, powdered alloys, because of
their inherent microstructural features and special
processing procedures. Therefore it is important to
understand the recrystallization features of rapidly
solidified and subsequently worked aluminium alloys,
although difficulties may be encountered in revealing
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microstructure, identifying phases, and controlling
second-phase particle size and distribution.

3.2. The effect of iron addition on silicon
particle coarsening
As mentioned above, maintaining fine silicon particles
throughout a fabrication cycle is a crucial factor for
the processing and application of the alloy. It has been
. shown that in the Al-Si—-Cu-Mg base alloy, silicon
particle size is fairly sensitive to extrusion temper-
ature. Particularly above 400°C, the coarsening of
silicon particles becomes very obvious [18]. Further-
more, the silicon particles dispersed in the o-Al matrix
of the base alloy have a strong propensity to coarse-
ning when exposed to high temperatures during solu-
tion treating, which. may in turn promote the re-
crystallization of the matrix [20]. v
In the present alloy with iron addition, however,
silicon particle size appears much less sensitive to
" extrusion temperature than that of the base alloy.
Also, after the T6 temper there is little discernible
increase in the silicon particle size, as shown in Fig. 8.
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Figure 7 Electron micrographs of the T6-tempered Al-Si-Fe—
Cu-Mg alloy showing (a) retained dislocation tangles, (b) subgrains,
and (c) interaction between second phase particles and subgrain
boundaries.

This feature offers one of the major advantages of the
present alloy. Under identical processing conditions,
the addition of iron is the only possible factor that can
account for this observation. It is probable that the
activity of silicon is reduced due to the interaction
between the silicon particles and Al-Fe-St intermetal-
lics or even the incorporation of iron in the silicon
particles. Another explanation may be that the coar-
sening of silicon particles proceeds through the diffu-
sion of silicon atoms over a long distance from one
particle to another, occuring preferentially along grain
and subgrain boundaries because the activation en-
ergy for pipe diffusion is lower than for volume diffu-
sion. The addition of 5% iron creates a high volume
fraction of dispersed intermetallic phases which are
broken up during extrusion and redistributed on a fine
scale at grain and subgrain boundaries, as well as
within grains. These may act effectively as sinks for
vacancies and obstacles to the diffusion of silicon
atoms over a long distance, particularly along the
grain and subgrain boundaries with which the inter-
metallic particles interact. As a result, the growth of
silicon particles becomes difficult and their coarsening
rate is relatively slowed down. Such an explanation
has also been applied to a similar phenomenon
occurring in a mechanically alloyed Al-Fe-Ce alloy
with introduced oxides and carbides which make the
coarsening of dispersoids difficult [28]. Therefore, in
addition to providing dispersion strengthening and
modifying matrix microstructural development, the
additive iron may also play an important role in
lessening the coarsening of silicon particles in the
Al-Si alloy.

3.3. Precipitation characteristics
For a given alloy the precipitation process is mainly
controlled by the degree of supersaturation, ageing



Figure 8 Optical micrographs of Al-Si-Fe-Cu-Mg alloy comparing the silicon particle size (a) before and (b) after T6 temper.

temperature and duration, and the availability of
vacancies and heterogeneous nucleation sites [29].
For the present alloy which is rapidly solidified during
powder production, precipitation tends to happen
during hot extrusion and subsequent air cooling, be-
cause deformation accompanied by dislocation gen-
eration can effectively facilitate the heterogeneous nu-
cleation of precipitates [30]. These precipitates are
found to be present in the as-extruded material (see
Fig. 1), and most of them are detected with X-ray
energy dispersive analysis to be Al-Si-Cu-Fe phase.
Some of these precipitates are believed to -dissolve in
the matrix during solution treating and then to re-
precipitate out as a response of ageing, because after
the T6 temper the size of the precipitates has decreased
and the density increased. It is also observed that most
of the precipitates lie at the subgrain boundaries, as
shown in Fig. 9. This indicates that the retained
substructure, owing to the incomplete recrystalliza-
tion during solution treating, provides heterogeneous
nucleation sites for the precipitation during
subsequent ageing. The granular precipitates in the
Té6-tempered product have a size range between 0.05
and 0.2 pm. In the electron microscope, these pre-
cipitates can easily be distinguished from the Al-Fe-Si
intermetallic particles fragmented from the needles
during extrusion, because the latter are relatively
larger. X-ray EDS shows that the precipitates have
several compositions: ternary Al-Cu-Fe and quar-
ternary Al-Si—Cu-Fe and Al-Si-Mg-Fe. However, no
binary Al-Cu or Al-Mg phase is detected. Due to the
interaction between the alloying elements involved in
the present alloy, the precipitation process becomes
much more complicated, and the ageing response of
the present alloy may not be expected to follow the
sequence of the formation of GP zone, transition
phase and final phase, as typically occurs in Al-Cu
alloys and Al-Cu-Mg alloys [31, 32]. Therefore, the
understanding of the ageing process obtained from
those alloys may not be applicable to the alloy pre-
sently being studied.

0.5um

Figure 9 Electron micrograph of the aged Al-Si-Fe-Cu-Mg alloy,
showing that precipitation occurs preferentially at the retained
subgrain boundaries.

Clearly, the results from X-ray EDS are insufficient
for identification of the precipitates, while their elec-
tron diffraction patterns are difficult to interpret
owing to their complexity. Nevertheless, with the aid
of knowledge of phase constitution, possible phases
can be determined on the assumption that the heat-
treated product has approached the equilibrium state
after sequential processing. Considering 20 wt % Si,
3wt % Cu and 1 wt % Mg involved in an aluminium
alloy, such phases as Cu,MggSi;Al,, CuMgAl, and
Mg,Si should be formed, and these phases were in-
deed detected in the base alloy [18, 33]. However, in
the present alloy with iron addition, the amount of
these phases is too low to be detected with selected
spot analysis. Most of the precipitates are found to
contain iron and copper or magnesium. It confirms
that, in the presence of 5 % iron, copper and magnes-
ium are mostly tied to form iron-bearing precipitates:
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Cu,FeAl,, CuFeAlg, and FeMg;SicAlg [34]. In view
of the chemical compositions, these phases correspond
well with those shown in the spectra from X-ray EDS
in the present work. It is thus clear that, due to the
involvement of iron, a considerable amount of copper
and magnesium is consumed in the iron-bearing pre-
cipitates. Apparently, the precipitation process of
these phases is different from that in the alloys to
which the T6 temper is applied as a standard scheme
of heat treatment. Therefore, further study is desirable
on the characterization and optimization of ageing
through electron microscopic observation, in com-
bination with differential scanning calorimetry ana-
lysis [31].

3.4. The effect of iron addition on tensile
properties

In Figs 10 and 11, comparisons are presented of the
variation of ultimate tensile strength with testing tem-
perature between the present alloy and the base alloy,
in the as-extruded and as-T6 tempered states, respect-
ively. It can be seen that the 5 % iron addition leads to
a substantial improvement at all the temperatures and
in both of the states. This apparently reflects the
additional strengthening effects of fine particle disper-
sion and retained substructure contributed by iron-
bearing intermetallic particles, which serve as extra
obstacles to dislocation gliding. The reduction in
strength with increasing temperature is similar in these
two alloys. The addition of iron does not substantially
alter the ductility of the material, which remains very
limited. At 200°C or below, fracture takes place on a
transverse plane, before which there is almost no
observable plastic deformation. It is important to
mention that the data of tensile tests obtained from
the T6-tempered material are much less erratic, and
elongation values are somewhat enhanced, implying
the occurrence of structural homogenization during
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Figure 10 Variation of ultimate tensile strength of the alloys in the
as-extruded state with testing temperature. ¢ Al-20Si-5Fe-
3Cu-1Mg extruded at 375°C; O Al-205i-3Cu-1Mg extruded at
350°C.
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Figure 11 Variation of ultimate tensile strength of the alloys in the
as-T6 tempered state with testing temperature. 4 Al-20Si—5Fe-
3Cu-1Mg extruded at 375°C and T6 tempered; O Al-20Si-
3Cu-1Mg extruded at 375°C and T6 tempered.

the heat treatment. A comparison between the mater-
ial before and after the T6 temper shows that, for the
present iron-modified alloy, no improvement is ob-
tained in strength at room temperature as a result of
the heat treatment. This is in contrast to the base
alloy, which shows an increase of about 50 MPa in
strength. The reason for this may be that in the present
alloy, iron ties a considerable amount of copper and
magnesium to constitute iron-bearing precipitates
which have been formed before the heat treatment.
The strengthening effect given by copper- and magne-
sium-bearing precipitates, which is intended to be
obtained through the T6 temper, becomes unmeasur-
able. At high temperatures the strength of the present
alloy in both states stays at a same level, unlike that of
the base alloy which exhibits a reduced strength at
high temperatures after the T6 temper. The difference
may be attributed to the fact that, in the present alloy,
the strengthening due to additional iron-containing
intermetallic particles, fine silicon particles and re-
tained substructure overshadows the negative effect
on high-temperature strengths given by the resolution
of a very small volume fraction of copper- and
magnesium-bearing precipitates. The reduction in
strength properties owing to these unstable precipita-
tes at temperatures above 200°C was previously ob-
served by the present authors [35], and has recently
been confirmed in an Al-Fe-Zr-Cu-Mg alloy by
Iwao et al. [36] who explain this reduction in terms of
the influences of copper- and magnesium-bearing pre-
cipitates on work hardening rate, recovery rate and
necking behaviour of the material. Clearly, in the
present, highly alloyed aluminium, several strengthen-
ing mechanisms can be operative simultaneously. Of
these, the dispersion strengthening given by the high
volume fractions of silicon and Al-Fe-Si intermetallic
particles undoubtedly plays a major role in determin-
ing the material strength, while in comparison the



Figure 12 Scanning electron micrographs showing (a) fracture origin of the specimen tested at room temperature, and (b) uniform voids in the

fracture surface of the specimen tested at 300 °C.

copper- and magnesium-bearing precipitates may not
yield a substantial strengthening effect. It thus appears
that the main merit of the T6 temper heat treatment
applied is the structural homogenization, rather than
further strengthening. The suggestion can therefore be
made either to optimize the ageing effect so as to take
the best advantage of material capability, or to sim-
plify the alloy by removing the age-hardening ele-
ments, copper and magnesium, to alter the material to
be non-heat-treatable. The latter could be more feas-
ible in view of the dispersion strengthening as a major
mechanism in the alloy desired to be used at elevated
temperatures.

Figs 10 and 11 also reflect the thermal stability of
the alloy. The microstructural observation of the ma-
terial which has been exposed at testing temperatures
up to 300 °C for 100 h does not reveal any noticeable
changes. It means that the mechanical response of the
alloy in service is only dependent upon the structure
produced during processing. The dispersion of the
thermally stable intermetallic particles, in combina-
tion with their inhibition both to the coarsening of
silicon particles and to the growth of grains occurring
during the heat treatment, is considered to be the key
to the enhanced hot strength of the alloy. The present
results clearly highlight the importance of creating
and preserving a fine dispersion of particles to the
material performance. At 300°C, a tensile strength
value of above 200 MPa is obtainable, which is mark-
edly increased by about 100 % as compared with that
of the base alloy. This level of strength, although not
completely satisfactory, is adequate for the specific
applications of the alloy, mainly in automobile
engines. It is worth pointing out that the high-temper-
ature strength of the present alloy may not compare
favourably with that of rapidly solidified Al-Fe or
Al-Cr alloys, but unique properties of the present
alloy such as good wear resistance and a low thermal
expansion coefficient [37-38] are not achievable in the
other alloys.

The morphology of fracture surfaces examined by
SEM (Fig. 12) indicates that void initiation at the
interfaces of the dispersed phases and matrix, followed
by coalescence, is the main failure mechanism. This is
most evident at the testing temperature of 300°C
where a considerable plastic deformation allows the
extended growth of voids, as shown in Fig. 12b. As the
size range of the iron-bearing intermetallic particles is
generally smaller than that of silicon particles, the
void nuclei are considered to be preferentially formed
at the interfaces between the silicon particles and
matrix, where the stress concentration is more severe.
This consideration is consistent with the fracture sur-
face observation that the size of voids is associated
with the silicon particle spacing which is very uniform,
but not with that of the intermetallic particles. No
apparent debonding between the original powder
particles is found, which implies that sufficient inter-
particle bonding is produced during extrusion. How-
ever, at the temperature of 200 °C or below, fracture is
observed to originate at the specimen surface where
localized, typical brittle fracture features are shown,
and thus fracture initiation promoted by the local
imperfect bonding at the original powder particle
boundaries cannot be precluded. The general fracture
characteristics of the present alloy with a high volume
of intermetallic particles are observed to be similar to
those of the base alloy. Therefore, the fracture mech-
anisms described for the base alloy [39] may be
applicable to the present alloy.

4. Conclusions

Complete recrystallization during the solution treat-
ment at 470°C for 1.5h subsequent to extrusion is
strongly inhibited by the iron-bearing intermetallic
particles in the present alloy. Being inhomogencously
distributed, they perform a dual function of blocking
the growth of recrystallized grains from particle-
depleted areas, and of suppressing the recrystallization
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nucleation and pinning subgrain boundary migration
in the particle-rich areas. This results in a partially
recrystallized duplex structure in the final product.

Coarsening of silicon particles during solution
treating is lessened in the present alloy, which may be
explained in terms of the blocking in the diffusion
paths of silicon atoms by a high volume fraction of
intermetallic particles. The exposure to the high tem-
perature during solution treating does not give rise to
any noticeable growth of the intermetallic particles.

Precipitation during ageing occurs preferentially at
the retained subgrain boundaries. Iron ties a large
amount of copper and magnesium to form ternary and
quarternary phases. Thus, the conventional under-
standing of the precipitation process occurring in
Al-Cu and Al-Mg alloys cannot be applied to the
present alloy, and further research on the ageing
characteristics of the alloy is needed.

From a practical point of view, we suggest the
removal from the alloy of the age-hardening elements
copper and magnesium, because their precipitates do
not make a substantial contribution to the properties
at the elevated temperatures at which the alloy will be
used.

The addition of iron to the Al-Si-Cu-Mg alloy
produces an important improvement in the strength of
the alloy at room and elevated temperatures, which
makes the alloy satisfactory to be used as a piston
material in automotive engines.
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