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The cause of improved fracture toughness in Y203-coated niobium-toughened TiAI relative to 
either uncoated niobium or AI203-coated niobium was examined. Reactively sputtered Y203 
coatings, 1-2 ~tm thick, were deposited on to rock salt (NaCl), polished single-crystal (0001)  
AI203, and polished polycrystalline niobium. Sputtered niobium coatings, 1-2 ~tm thick, 
were also deposited on to polished single-crystal Y203 substrates for comparison. The oxide 
coating was characterized and consisted of stoichiometric b c c Y203 with ao = 1.0602 nm. 
Indentation tests were performed to correlate the fracture toughness and debond characteristics 
of as-deposited Y203 Coatings on AI203 and polycrystalline niobium, and niobium coatings on 
single-crystal Y203, to that found in TiAI/Nb and AI203/AI203 laminates. The calculated 
fracture toughness of sputtered Y203 on sapphire was similar to reported values for bulk Y203 . 
However, a wide variation in interfacial fracture toughness was obtained by indentation 
methods, and is attributed to the microstructure of as-deposited coatings and to weak 
bonding between as-deposited yttria and the sapphire substrate. These results are related to 
factors that affect debonding and fracture toughness of brittle matrix composites. Reactive and 
non-reactive metal/ceramic systems were reviewed in an effort to understand why Y203 
coatings perform well. It is postulated that yttrium oxide coatings applied to niobium have an 
atomically sharp interface that has a lower fracture energy compared to Nb/AI203, resulting in 
improved interfacial debonding and composite fracture toughness. 

1. In troduct ion  
Fibre coatings will probably be required for brittle 
matrix composites in order to improve composite 
fracture toughness or reduce fibre/matrix interaction 
at elevated temperatures [1-4]. Coatings have been 
successfully used to improve the thermochemical com- 
patibility or fracture behaviour of a few ductile and 
brittle matrix systems including boron- [4] or SiC- [5] 
reinforced titanium or aluminium alloys and SiC- 
reinforced lithium aluminosilicate (AS) glass [2]. The 
purpose of this research was to identify protective and 
debond coatings that improve the toughness of inter- 
metallic and ceramic matrix composites, and contrib- 
ute to a generalized understanding of the requirements 
for successful debond coatings. The latter may allow 
the development of predictive guidelines for future 
coating selections in other composite systems. 

Two composite systems, niobium-reinforced TiA1 
and A1203-reinforced A1203, have exhibited im- 
proved fracture toughness through the use of chem- 
ically compatible interfacial coatings [6, 7]. An elastic 
indentation technique, Hertzian cone cracking, has 
been used to assess the specific fracture energy, Fi, of 
A120 3 laminate composites containing various inter- 
facial coatings [7]. Yttria interfacial coatings, applied 
by sputtering or sol gel, exhibit a specific fracture 
energy of 25 J m-2. This is approximately five times 

greater than that achieved with sputtered molyb- 
denum coatings [8], and results in incomplete 
debonding. Reaction between the A1203 substrate and 
Y 2 0 3  to  form YAG (Y3A15012) was found to be 
responsible for the high fracture energy. 

The debonding characteristics of a model niobium- 
reinforced TiA1 composite have been evaluated using 
uncoated niobium, A1203-coated niobium, and Y 2 0 3  - 

coated niobium [6]. Uniaxial tension tests of pre- 
cracked TiA1/Nb laminates were performed in situ in 
the scanning electron microscope. The Y203 coatilag 
produced the lowest specific fracture energy, thus 
allowing extensive debonding which permitted plastic 
deformation of the niobium over a large volume and 
resulting in a high work of rupture. The measured 
fracture toughness is thought to be due to the presence 
of an atomically sharp Y203/Nb interface similar to 
that found in A1203/Nb couples [9]. 

The present study examines as-sputtered Y203 
coatings deposited on to rock salt (NaC1), single- 
crystal (0 0 0 1) A1203, and polycrystalline niobium to 
understand better why this coating improves the 
toughness of niobium-reinforced TiA1. As-deposited 
yttria coatings were characterized by scanning elec- 
tron microscopy (SEM), energy dispersive spectro- 
scopy (EDS), transmission electron microscopy 
(TEM), X-ray photoelectron spectroscopy (XPS), 
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secondary ion mass spectroscopy (SIMS), X-ray dif- 
fraction (XRD), and indentation techniques. Nanoin- 
denter*; and Vickers indentation tests [10] were used 
to determine the fracture toughness, Kc, interracial 
fracture toughness K~a, and specific fracture energy, 
F~, of as-sputtered coatings. The results were com- 
pared to that found for diffusion-bonded 
AI203/A1203 and TiAt/Nb laminates [6, 7]. In addi- 
tion, niobium coatings, l -2  gm thick, were deposited 
on to polished single-crystal Y203 wafers by 
sputtering to compare debonding behaviour. A TEM 
study was also performed on Y203-coated niobium- 
reinforced TiA1 laminate. 

2. Experimental procedure 
2.1. Sputtered coatings 
Yttrium oxide coatings were deposited on to polished 
single-crystal A1203 4 mm thick, commercial purity 
polycrystalline niobium foil 125 tam thick, and rock 
salt substrates. Prior to coating, AI203 and niobium 
substrates were ultrasonically cleaned in soapy water, 
rinsed in water, rinsed in ethyl alcohol, and dried by 
forced hot air. Sputtering was performed in a Plasma- 
Therm Model AMNS-1000E 1000 W radio frequency 
diode sputtering unit equipped with dual-opposed 6 in 
(~15.24 cm) diameter yttrium metal targets (99.9 
wt % purity). A 142 lain monofilament SiC fibre (Tex- 
tron SCS-6) was also coated to determine coating 
thickness and microstructure by fractography. Yt- 
trium oxide coatings were deposited by reactive 
sputtering using a 50% 50% mixture of research 
grade argon and oxygen at a total working gas pre- 
ssure of Pr = 6 m tort. The substrates were not ex- 
ternally cooled, heated, or biased during sputtering. 
The top and bottom targets were maintained at 3000 
and 500V, respectively. Deposition of Y203 for 

10 h resulted in coatings 1-2 ~m thick. The only 
equilibrium oxide phase formed according to the Y O 
phase diagram is Y203 [1 lJ. 

Niobium coatings were sputter deposited on to 
polished Y203 wafers ~0.5 mm thick using research- 

grade argon at PT = 6 m torr and 99.5 wt % purity 
niobium metal targets maintained at 5000 and 500 V. 
The resultant coatings were 3-4 lam thick. 

2.2. Indentation tests to determine coating 
hardness and elastic modulus 

The hardness and elastic modulus of as-sputtered 
coatings were determined using a Nano Instruments 
Inc. Nanoindenter *~ [12]. This instrument is a sub- 
micrometre indentation tester that uses a triangular 
diamond indentor with the same projected area-to- 
depth ratio as the Vickers square pyramid indentor. 
The maximum load that can be applied by this tech- 
nique is 0.1 N. Coating hardness and modulus were 
determined by taking five or more indentations at 
depths ranging from 0.04-0.7 lam. 

2.3. Indentation tests to determine coating 
fracture properties 

Nanoindenter | and Vickers indentation tests were 
used to initiate coating fracture or interracial debond- 
ing in Y203-coated A1203, Y203-coated niobium and 
niobium coated Y203 . All coatings were evaluated in 
the as-sputtered condition. Loads greater than 0.1 N 
and up to 10N were applied using a Vickers dia- 
mond indentor. Six measurements are typically made 
at each indentation depth. While there are numerous 
relationships for obtaining quantitative values of frac- 
ture toughness [13], only selected equations are appli- 
ed in the present study. The equations used to deter- 
mine coating fracture toughness, Ko, interfacial frac- 
ture toughness, Ko,~, and specific fracture energy, I -  i 

are briefly reviewed. 
The fracture toughness of thin coatings can be 

determined by measuring radial crack lengths and the 
dimensions of indentations made by indentation tests 
[13, 14]. Equations to determine fracture toughness 
have been empirically determined assuming the crack 
shape is radial-median (i.e. "halfpenny") or Palmqvist 
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Figure 1 Schematic diagrams of Vickers indentations resulting in the formation of (a) radial median and (b) Palmqvist cracks [t4].  
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[14]. The critical indentation and crack-related di- 
mensions are the indentation half-diagonal length, a, 
radial Surface crack length, C, and the Palmqvist 
surface crack length, 1 (Fig. 1). Equations to determine 
fracture toughness take the following general form for 
halfpenny (Equation 1) and Palmqvist (Equation 2) 
shaped cracks [14] 

P 
K~ = kac1/~ (1) 

P 
K~ = k (E/Hv)Z/Sala/2 (2) 

where k is a constant typically between 0.001 and 0.5, 
P is the applied indentor load (N), Hv is the Vickers 
microhardness (GPa), E is the elastic modulus (GPa), 
and a, C, I are the indentation and crack related- 
dimensions (m), as shown in Fig. 1. Values of K~ for 
selected glass and oxide ceramics have been compared 
to K~ fracture toughness of the same materials by 
traditional mechanical testing techniques [13]. The 
average results for both types of test were reported to 
be within + 30%. Thus, the values of fracture tough- 
ness obtained by indentation methods are comparable 
to that obtained by more elaborate mechanical tests. 
In general, averaged values of fracture toughness cal- 
culated using either halfpenny or Palmqvist-based 
equations yield similar results. 

The interracial fracture toughness, K~, i, of thin coat- 
ings can also be determined from indentation tests 
[15]. This information also provides a measure of 
coating adhesion to the substrate, and is required to 
determine the specific fracture energy, F~, of the inter- 
face. The interracial fracture toughness can be re- 
presented by 

Kc, i = k t 3/2 Hv 1/2(1 P o / P )  P 1/2 i 

(3) 

where k is a constant determined to be 0.16 in the 
present study, t is the coating thickness (m), H~ is the 
Vickers hardness of the coating (GPa), Po is the 
threshold toad for crack formation (MN), P is the 
maximum indentor load (MN), and C is the lateral 
crack length (m). Knowledge of the fracture toughness 
allows calculation of the specific fracture energy, Fi, 
and provides a basis for understanding the contribu- 
tion of coatings to interfacial debonding. The fracture 
toughness for a Mode I (tensile) crack is [16] 

KI~ = Y cy (~a 1/2) (4) 

where Y is the geometric crack factor (typically = ~/2  
for a halfpenny-shaped crack), c~ is the applied stress 
(N), and a is the half-crack length (m). The Griffith 
relationship for plane (biaxial) stress (~z = 0) is 

cy = (2 E %/r~ a) 1/2 (5) 

Combining Equations 4 and 5 yields the specific frac- 
ture energy 

v~ - - F~ (6) 
2 Y E  

Thus, the specific fracture energy (in J m-2), depends 
only upon the fracture toughness (where K~ = K~ or 
K j ,  geometric crack factor, and elastic modulus of 
the coating. The latter may vary depending upon 
thickness. 

3 .  R e s u l t s  
3.1. Characterization of sputtered Y203 

coatings 
X-ray diffraction of yttria-coated sapphire wafer was 
performed using a Huber Model 651 Guinier thin-film 
goniometer. The resulting spectrum corresponds to 
bcc  Y203 (JCPDS pattern 25-1200), Fig. 2. X-ray 
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Figure 2 X-ray diffraction pattern of reactively sputtered Y203 showing good correlation with the JCPDS reference pattern (vertical lines). 
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photoelectron spectroscopy was performed using a 
PHI Model 5400 multiprobe. The surface contained 
excess physisorbed hydrocarbon or carbon and oxy- 
gen or oxide due to exposure to the ambient. Oxygen 
in the form of OH or H 2 0  was detected. Argon 
sputtering to a depth of ~ 5 nm removed gross con- 
taminants, resulting in decreased carbon and in- 
creased oxygen signals. Additional sputtering to a 
depth of 10 nm showed only yttrium and oxygen 
(Fig. 3). Secondary ion mass spectroscopy (SIMS) 
data were obtained using a Kratos ton Microprobe. 
SIMS showed that boron, carbon, aluminium, silicon, 
potassium, titanium, iron, niobium and neodymium 
were present in the coating ~ 10 nm below the free 
surface, all at levels of < 0.1 at %. 

The surface finish of Y2Oa coatings on SiC fibres 
was examined by SEM and found faithfully to replic- 

ate the surface finish of the substrate which consists of 
nodules characteristic of coatings deposited by chem- 
ical vapour deposition (Fig. 4). Coating microstruc- 
ture was characterized by SEM of fractured SiC fibres 
and found to consist of columnar grains which extend 
through the thickness of the coating. This is typical of 
that found in sputtered coatings deposited at low 
homologous temperature (T/TM, where T is the sub- 
strate temperature and Tu the melting temperature of 
Y 2 0 3 )  [,17, 18]. For T M ( Y 2 0 3 )  = 2400 ~ and assum- 
ing Tsub~tr~te ~300~ T/TM ,~ 0.12. These coat- 
ings were found to correspond well to the Zone 1 
microstructure as described by Thornton [-18]. 

Electron-transparent Y203 samples for TEM were 
produced by depositing a thin coating on to rock salt, 
dissolving the substrate in water, then collecting the 
oxide film on a copper grid. Y203 samples were 
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Figure 3 XPS spectra of Y203 coating, (a) as-received, and (b) 10 nm below the free surface. The carbon signal is prominent in as-received 
samples (arrowed), while only yttrium and oxygen are present 10 nm below the free surface. 

Figure 4 (a) Scanning electron micrograph showing the surface finish of as-deposited Y203 coating which has replicated the surface finish of 
the SiC fibre. (b) Scanning electron micrograph showing the thickness and structure of as-deposited YzO3 coating. The columnar morphology 
of the coating is evident, 
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Figure 5 (a) Bright-field (BF) and (b) dark-field (DF) transmission 
electron micrographs of as-sputtered Y20 a. Arrows on the selected- 
area diffraction pattern (inset) bracket the two rings used to make 
the dark-field micrograph. The coating consists of bcc Y203 with 
a 0 = 1.0602 nm. 
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Figure 6 Energy-dispersive X-ray spectrum of the Y203 coating. 

Figure 7 Light micrograph of a TiA1/Nb laminate test specimen 
after diffusion bonding at 1066~ for 4 h and 10 MPa pressure. 
Note the absence of interfacial reaction products. 

examined using a Philips 400T at 120 kV and equip- 
ped with a Kevex Quantum energy-dispersive X-ray 
spectrometer. Direct imaging of the coating micro- 
structure through-thickness by transmission electron 
microscopy showed it contained a homogeneous dis- 
tribution of fine grains 10 30 nm diameter (Fig. 5). 
Energy dispersive spectroscopy of the coating showed 
yttrium and oxygen (Fig. 6). Selected-area electron 
diffraction patterns (Fig. 5, inset) contained well- 
defined continuous rings with spacings characteristic 
of body-centred cubic Y203 (Pearson Symbol cI80, 
MnzO 3 prototype structure), with a lattice parameter 
of a o = 1.0602 nm. 

Yttrium oxide-coated niobium foils were diffusion 
bonded between two TiA1 plates in vacuum at 1066 ~ 
under a pressure of 10 MPa  for 4 h (Fig. 7) [6]. The 
resulting laminate was prepared for TEM by section- 
ing small wafers perpendicular to the TiA1/YzO3/Nb 
interface using a low-speed diamond saw. Most of the 
samples fractured during sectioning, grinding to final 
thickness, or ion milling due to the low specific frac- 
ture energy of the YzO3/Nb interface. 

The interface between Y203 and niobium is of 
interest because it is the lobation where debonding 

5 2 8 4  

Figure 8 Transmission electron micrograph of a portion of the 
Y203 coating and selected-area electron diffraction pattern (inset) 
from a TiA1/Nb laminate. Note the grains remain columnar after 
hot-pressing at 1066 ~ for 4 h. 

occurs. Unfortunately, it could not be observed due to 
decohesion of the interface. The YzO3/TiA1 interface is 
more strongly bonded and therefore could be exam- 
ined by TEM. The most interesting aspect of this 
interface is the morphology of Y203 coating (Fig. 8), 
which has been exposed to 1066 ~ for 4 h. The Y203 
coating retains a columnar morphology, with columns 
~0.15 gm wide and extending through the entire 

thickness of the coating. Reflections from selected- 
area diffraction patterns contained inrense arcs. This, 
coupled with the shape of individual grains, suggests 
that the columnar Y203 grains contain a dense sub- 
structure of low-angle grain boundaries that have 
begun to coalesce. Thus, diffusion bonding resulted in 



Figure 9 Convergent-beam electron diffraction pattern of Y203 and corresponding computer-generated [11 O] zone axis pattern. 

little or no grain growth of the oxide coating. Selected- 
area (Fig. 8, inset) and convergent beam electron 
diffraction (Fig. 9) of the coating shows it consists of 
cubic Y 2 0 3  with lattice parameter of a 0 = 1.0602 nm, 
and is in agreement with the results for as-deposited 
Y203. Direct imaging and EDS did not reveal extens- 
ive chemical reaction between Y203 and TiA1. 

3.2. Indentation-derived coating hardness 
and elastic modulus 

The hardness of as-sputtered yttria coatings on pol- 
ished sapphire substrates was determined using the 
Nanoindenter c"~ by taking five or more indentations at 
depths ranging from 0.05-0.5/am. Fig. l0 shows the 
variation in coating hardness as a function of indenta- 
tion depth. The rapid increase in hardness with de- 
creasing indentation depth is due to the well-known 
indentation size effect [19]. However, at indentation 
depths >_ 0.4 lam the hardness remains nearly con- 
stant at ~750 kg mm -z (7.5 GPa). This is in good 
agreement with previous results for bulk Y203 [20]. 

The hardness of as-sputtered Y203 coating on com- 
mercially pure polycrystalline niobium was also deter- 
mined using the Nanoindenter (e (Fig. 11). There is a 
dramatic decrease at ~0.6 lain depth due to plas- 
tic deformation of the soft niobium substrate 
(film substrate effect, FSE) [21]. Conversely, a rapid 
increase in hardness was found at indentation depths 
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Figure 10 Hardness versus indentation depth as determined by the 
nanoindentation technique. The hardeness of Y203 at ~0.5 gm 
deep indentations is ~750 kg mm 2 (7.5 GPa). Higher hardness at 
smaller indentation depths are due to the indentation size effect 
[19]. 

< 0.1/am due to the indentation size effect (ISE) [19]. 
The hardness of the Y 2 0 3  coating measured at in- 
dentation depths between 0.1 gm < d < 0.5 gm is 
800-850 kg mm -z (8-8.5 GPa). This is approximately 
the same hardness as that measured for as-sputtered 
Y203 on single-crystal A1203, and agrees with that 
reported for bulk Y 2 0 3  [20, 22]. Thus, accurate values 
of Y 2 0 3  coating hardness independent of the sub- 
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Figure 13 Hardness versus indentation depth as determined by the 
nanoindentation technique. The hardness of niobium at ~0.4 pm 
deep indentations is 2.8 GPa. 
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Figure 12 Elastic modulus of Y203 versus indentation depth. The 
modulus at small indentation depths (0.05-0.1 gin) is characteristic 
of bulk Y203. 

strate material were determined using the Nanoinden- 
ter | at indentation depths between 0.1 and 0.3 gm. 

The elastic modulus of Y/O 3 coatings was also 
determined using the Nanoindenter | (Fig. 12), assum- 
ing Poisson's ratio = 0.33. The modulus increases al- 
most linearly from 15 x 103-27 x 103 kg mm -2 
(150-270 GPa) throughout the range of indentation 
depths. The elastic modulus of Y 2 0 3  at ~0.5 ~tm 
indentation depths approaches that of bulk A120 3 
( ~ 3 5 0  GPa), indicating that the coating modulus is 
very sensitive to substrate modulus. The elastic modu- 
lus of bulk Y/O 3 is reported as ~ 13.4 x 103 kg mm -2 
(134 GPa) [-23], and is in agreement with data gener- 
ated at indentation depths of 0.05-0.1 gm. 

The hardness and elastic modulus of niobium coat- 
ings on Y/O 3 were determined from indentations 
ranging in depth from 0.04-0.7 pm. The hardness 
increased with increasing indentation depth due to the 
film-substrate effect (Fig. 13). To minimize this effect, 
the ratio of indentation depth to coating thickness 
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Figure 14 (a) Scanning electron micrograph showing the surface 
finish of as-deposited niobium coating which consists of domed tops 
~0.2 gm in diameter. Note the Vickers indentation which made 

only partial contact with the coating at the edged (arrowed). (b) 
Scanning electron micrograph showing the thickness and columnar 
structure of as-deposited niobium. 

should be d/t < 0.1 (Fig. 14a). However, indentations 
less than 0.4 pm may be influenced by surface rough- 
ness (Fig. 14b). Because of these factors, the hardness 
at a depth of ~ 0.4 pro, H v ~ 2.8 GPa,  is expected to 
be representative of the actual hardness of the 
niobium film. In contrast, the hardness of bulk 
wrought niobium is ~ 1.6 G P a  [24]. A plot of the 
elastic modulus of the niobium film versus indentation 
depth shows less dependence upon substrate effects 
(Fig. 15), and E = 88 G P a  at an indentation depth of 
0.4 gm. This value is in reasonable agreement with the 
literature [25]. 

3.3. Y203 coating on sapphire 
3.3. 1 Coating fracture toughness, Kc 
The Nanoindenter ~ could not be used to determine 
the coating fracture toughness K c, because the max- 
imum load was insufficient to initiate radial cracks. 
Vickers indentation tests were therefore used to obtain 
the desired crack morphology. The yttrium oxide 
coating spalled from alumina substrates at loads as 
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Figure 15 Elastic modulus of niobium versus indentation depth. 
The modulus at an indentation depth of 0.4 gm is ~ 88 GPa. 
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Figure 17 Plot of Vickers indentation load versus radial crack 
length used to determine the fracture toughness of sputtered Y203 
coatings on sapphire. 

Figure 16 (a) Scanning electron micrograph of Y203 coating spal- 
led from (0001) sapphire substrate by a 0.196 N Vickers indenta- 
tion. The coating thickness is ~ 1 gin. (b) Backscattered scanning 
electron micrograph of a Vickers indentation in Y203 coating at 
0.49 N load. Note the radial cracks at the corners of the indentation. 

low as 0.147 N (Fig. 16a). Approximately 0.02 gm gold 
was sputtered on to the Y 2 0 3  to prevent coating 
spallation and post-indentation slow crack growth. 
This should not effect the fracture toughness results 
because the gold film is < 2% of the Y 2 0 3  coating 
thickness. Further, the hardness of the Y 2 0 3  coating, 

as measured using the Nanoindenter | was unaffected 
by the gold film. 

Vickers indentation tests of gold-coated Y20 3 did 
not produce radial cracks at loads less than 0.391 N, 
while loads > 0.538 N caused coating spallation 
which prevented measurement of radial cracks. 
Fig. 16b shows radial cracks introduced in Y203 by 
Vickers indentation at 0.49 N load. Five indentations 
were made at various loads to obtain average values of 
radial crack length. The indenter load is plotted ver- 
sus the radial crack length according to the relation 
[26]. 

P 
K c = 0.019 [E/Hv] 1/2 C3/2 (7) 

where E is the elastic modulus of the coating (GPa), Hv 
is the Vickers hardness (GPa), P the applied load (N), 
and C the radial crack length (m). The results of the 
indentation tests are plotted in Fig. 17. The slope of 
the curve is P/C 3/2 = 19.3 MN m -3/z. The hardness 
and elastic modulus of Y~O3 coatings on sapphire 
were previously found to be 8 and 150 GPa, respect- 
ively. The coating fracture toughness is calculated to 
be Kc = 1.58 MN m -3/2. This value is approximately 
one-half that of bulk Y203 [20]. 

3.3.2. Interfaciol fracture toughness,  Kc,i 
The Nanoindenter ~ was used to assess adhesion of 
Y203 coatings on sapphire. Six indentations were 
performed at depths ranging from 0.3-0.7 gm. How- 
ever, the coating did not delaminate at indentation 
depths < 0.41am. Fig. 18a shows a typical load-  
displacement curve for a 0.67 lam indentation, in 
which the delamination event is characterized by an 
abrupt change in slope near zero load. The maximum 
indenter load, P, is plotted against crack length, 
C (Fig. 18b). The interfacial fracture toughness is 
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Figure 18 (a) Typical load-displacement curve produced using the 
Nanoindenter ~. The coating delamination event is characterized by 
the change in slope near zero load. (b) Plot of Nanoindenter ~ load 
versus crack length use to determine YzO3/A1203 interfacial tough- 
ness and light micrograph of several indentations (inset). Bright 
areas around indentations are indicative of debonding. 

obtained from Equation 3, where k = 0.I6, t = 1 
• 10 -6 m, Hv = 8 GPa,  P0 = 48 mN, P = 75 
x 10 9 MN, and C = 3 • 10 -6 m, and calculated to 
be Kc,~ = 0.15 M N  m -3/2. This indicates that the 
YzO3/AlzO3 interface is very weak. 

3.3.3. Specific fracture energy, I~i 
The specific fracture energy of the Y203 coating on 
sapphire is calculated using Equation 6, where the 
geometric crack factor Y = ~1/2 and the elastic modu- 
lus of the coating is E = 150 GPa. The specific frac- 
ture energy of the Y203 coating is F i = 4.7 J m -2. For 
Kc,i = 0.15 MN m-3/2, the specific fracture energy of 
the YzO3/AI203 interface is F i = 0.046 J m -2. 

niobium was determined using Vickers indentation 
tests at loads ranging from 0.1-1 N. Y203 coatings on 
niobium did not exhibit a tendency to spall, unlike 
that found for Y203 coatings on A1203, and were thus 
not coated with gold. The indenter load, P, is plotted 
against crack length, C 3/2, and is shown in Fig. 19. The 
coating fracture toughness is calculated using Equa- 
tion 7, where P/C 3/2 = 2.4 M N  m -  3/2 Vickers micro- 
hardness of Y203 is H v - 8  GPa, coating elastic 
modulus E = 150GPa,  and found to be Kc 
= 0.20 M N  m -  3/2. This value is approximately one- 

tenth of that found for Y203-coated A1203. The differ- 
ences in fracture toughness are likely due to extensive 
deformation of the niobium substrate (Fig. 20) [10]. 

3.4.2 Interfacial fracture toughness ,  Ke,~ 
As-deposited Y/O3 coatings were not observed to 
debond from the niobium substrate at loads up to 
0.078 N using the Nanoindenter | and 9.8 N using the 
Vickers indenter. However, lateral cracks formed in 
the Y203 coating at loads > 0.078 N (Fig. 20a and b). 
In contrast, as-sputtered Y203 coatings (with no gold 
overcoat) were observed to debond from A1203 at 
loads as low as 0.147 N. This result implies that the 
fracture toughness of the YzO3/Nb interface is greater 
than the Y/Oa/A1203 interface, but is not consistent 
with previous results where the YzO3/Nb interface 
was found to be weaker than A1203/Nb [1] or 
Y203/A1203 [2]. 

Examination of the indentations showed that the 
Y203 coating did not buckle or spall at loads up to 
9.8 N (Fig. 20b). Instead, the cracked coating appears 
to be well-bonded to the niobium substrate. A plot of 
indenter load versus lateral crack diameter (Fig. 21) 
does not reveal an asymptotic load at which lateral 
cracks vanish (Fig. 18b). This suggests that cracks 
caused by indentation tests propagate towards the 
surface rather than initiate delamination at the inter- 
face. 

3.4. Y203 coa t ing  on po l yc rys ta l l i ne  n i o b i u m  
3.4. 1, Coating fracture toughness K c 
The fracture toughness of as-sputtered Y203 on 
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3.4.3. Specific fracture energy, 
The specific fracture energy of as-sputtered Y203 
coating on niobium is calculated using Equation 6, 
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Figure 21 Plot showing the variation load versus lateral crack 
diameter for both Vickers (P > 120mN) and Nanoindenter ~' 
(P< 125 mN) tests. 

where Kc = 0.2 M N  m 3/2, Y = 'K 1/2 ,  and E 

= 150 GPa.  The specific fracture energy of the Y203 
coating is F i = 0.074 J m -  z. 

Figure 20 (a) Dark-field optical micrograph of a 9.8 N indentation 
for Y203-coated niobium. Note the numerous cracks emanating 
from the indentation. (b) Backscattered scanning electron micro- 
graph of a 0.98 N indentation for Y203 coated niobium. Note the 
radial and lateral cracks, as well as adherence of the coating to the 
niobium substrate. 

3.5. Niobium coat ing on single-crystal Y203 
3.5. 1. Coating fracture toughness, Kc 
The fracture toughness of as-sputtered n iob ium on 
Y/O3 was determined using Vickers indenta t ion  tests 
at loads ranging from 2 10 N. N i ob i um coatings did 
not  exhibit a tendency to crack or spall at 2 N, while 
radial cracks were produced at 3, 5, and  10 N (Fig. 22). 
A plot of the indentor  load, P, versus crack length, 
C 3/2, as measured from the n iob ium coating and 

t ransparent  rearside of the Y203 wafer is shown in 
Fig. 23. The coating fracture toughness is calculated 
using Equa t ion  7, where the average of the two curves 
is P/C 3/2 = 11.5 M N  m -3/2, the Vickers microhard-  

ness o f Y 2 0  3 is H v = 2.8 GPa,  coating elastic modulus  
E = 88 GPa ,  and found to be Kc = 1.22 M N  m -  3/2. 

This value is much lower than the room-tempera ture  

Figure 22 Scanning electron micrographs of indentations produced by loads of (a) 2 N and (b) 10 N show!ng radial cracks. 
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fracture toughness of bulk niobium ([16] p. 363). The 
difference in fracture toughness is most likely due to 
coating thickness, columnar microstructure, and the 
presence of a residual stress in as-deposited niobium. 

3.5 .2 .  In te r fac ia l  f rac tu re  t o u g h n e s s ,  Kc, i 
As-deposited niobium coatings were observed to de- 
bond from the Y/O3 substrate at loads as low as 
0.25 N using the Vickers indenter. The delamination 
event was observed from the backside of the trans- 
parent Y /O  3 substrate through the formation of inter- 
ference rings (Fig. 24). A plot of indenter load, P, 
versus lateral crack length, C, is shown in Fig. 25. The 
interfacial fracture toughness is obtained from Equa- 
tion 3, where k = 0.16, t = 4 x 10 - 6  m ,  H v = 2.8 GPa,  
Po = 135 mN, P = 1500 mN, and C = 20 x 10 - 6  m, 
and calculated to be K c , i = 0 . 1 8 M N m  -3/2. This 
value is two orders of magnitude lower than that 
measured in uniaxial tension tests of niobium-reinfor- 
ced TiA1 laminates with YzO3 interfacial coating [6]. 
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Figure 24 Light micrographs showing debonding of the niobium 
coating at loads of (a) 1.5 N and (b) 3 N, as viewed from the 
transparent rearside of the Y203 wafer. Radial cracks produced by 
the 3 N load are apparent. 

3. 5. 3. Specific fracture energy, 
The specific fracture energy of as-sputtered niobium 
on Y20  3 is calculated using Equation 6, where K c 
= 1.22 MN m -a/2, Y = n 1/2, and E(Nb) = 88 GPa. 

The specific fracture energy of the coating is F i 
= 4.78 J m -2. For Kc, i = 0.18 M N  m -3/2, the specific 

fracture energy of the Nb /Y20  3 interface is F i 
= 0.104 J m -z. The coating fracture toughness, inter- 

facial fracture toughness, and specific fracture energy 
results presented in Sections 3.3-3.5 are summarized 
in Table I. 

4. Discussion 
4.1. Characterization of as-deposited Y 2 0 3  

Evaluation of reactively sputtered Y203 coatings 
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shows they are stoichiometric and contain low levels 
of impurities. The coating microstructure is typical of 
that found in thin vapour-deposited coatings exam- 
ined through-thickness. A feature unique to vapour 
deposition is the range of microstructures, and hence 
physical and mechanical properties, that can be ob- 
tained in as-deposited coatings. An experimentally 
determined model of the structure of metal and ce- 
ramic coatings deposited by d.c. and r.f. sputtering as a 
function of working gas pressure and homologous 
temperatureT/TM, shows a trend from high aspect 
ratio columnar (Zone 1) to equiaxed (Zone 3) grains 
[18]. The Zone 1 microstructure consists of tapered 
crystallites with a fibrous internal structure, continu- 
ous voids at grain boundaries, and domed tops whose 
diameter increases with increasing substrate temper- 
ature, The formation of an intergranular network of 
voids is further enhanced by shadowing due to sub- 
strate surface roughness or preferential growth of 
crystallites and low adatom surface mobility. The 
mechanism by which grain boundaries coalesce to 
produce dense columnar microstructures is attributed 
to increased adatom mobility caused by higher T/TM 
as well as increased desorption of inert gas atoms. 

Coating microstructures produced at low T/TM are 
found in most vapour-deposited coatings. Fig. 4 shows 
that sputtered Y203 coatings consist of columnar 
grains whose length extends through the entire coat- 
ing thickness. These microstructures may be the least 
desirable because pipe diffusion can occur easily along 
porous grain boundaries and result in increased inter- 
action with the substrate during hot pressing. In 
addition, sputtered coatings often contain a large 
amount of interfacial area which should affect the 
thermochemical stability and mechanical properties of 
the matrix/reinforcement interface [27-31]. The 
microstructure normally found in coatings deposited 
at low T/TM may contain 50-400 grains/gin 2, res- 
ulting in 15% 25% grain-boundary area [27, 28, 30, 
31] compared to 0.05% for bulk polycrystalline ma- 
terials [27]. Coatings may contain additional inter- 
facial area in the form of twins and stacking faults 
[29]. However, diffusion bonding niobium-reinforced 
TiA1 results in a coating with better defined columnar 
grains, minimal reaction with the matrix or reinforce- 
ment, and composites with improved interracial 
debonding and fracture toughness. This is due to the 
intrinsic thermochemical stability of YzO 3 in contact 
with niobium and TiA1, and thermodynamic prefer- 
ence to reduce interracial area at the temperature and 
time used to bond the laminates together. 

4.2. Nb/AI203 and Ti/AI203 interfaces 
Uniaxial tension tests of precracked TiA1/Nb lamin- 
ates fractured in situ in the scanning electron micro- 
scope showed that debonding occurs along the 
Nb/Y20 3 interface, which permits plastic deformation 
of the ductile phase over long lengths [6]. The yttria 
coating results in a 200% increase in work of fracture 
compared to AlzO3-coated niobium. The Nb/Y203 
system has not been previously studied. However, 
both the Nb/AI203 [9, 32, 33] and Ti/A120 3 [34-36] 
interfaces are well-characterized, and represent ex- 
amples of non-reactive and reactive metal/ceramic 
systems, respectively. Understanding each provides a 
basis for determining the cause of a high work of 
rupture in Y203-coated niobium-reinforced TiA1. 

The Nb/A1203 interface has been characterized by 
direct imaging using high-resolution TEM [9]. Pol- 

T A B L E  I S u m m a r y  of coa t ing  fracture da ta  

Coa t ing / subs t r a t e  Test  Kc Kc,~ F~ 
m e t h o d  (MN m -3/2 ) ( M N  m -3/2) (J m -2) 

Y 2 O a / A I 2 0  3 Inden ta t i on  1.58 4.70 
Y2Oa/A1203 interface Inden ta t i on  - 0.15 0.046 

YzO3/AI20  3 interface [7] Cone  crack - 3.65" 25 

YzO3 /Nb  Inden ta t i on  0.20 - 0.074 
Y z O a / N b  interface Inden ta t i on  - - - 

YzO3 /Nb  interface [6] Tensile 3.65 a 25 

N b / Y 2 0  3 Inden ta t i on  1.22 - 4.78 
N b / Y 2 0  3 interface Inden ta t i on  - 0.180 0.104 

Y 2 0 3 / N b  interface [6]. Tensile - 3.65" 25 

Bulk Y203  [20] Inden ta t i on  2.85 - 15 

"Kc, ~ ob t a ined  from F~ using E q u a t i o n  6. 
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ished single crystals of niobium and A120 3 were diffu- 
sion bonded at 1700~ for 2h  in high vacuum 
( ~  10 .3 Pa) and 10MPa load. The couples were 
bonded in a (110)N b II (0001)A1203 and [001IN b ]l 
[2 1 10]A~2o, orientation relationship. Samples for 
high-resolution TEM were obtained from the bulk 
couple with foil planes normal to [001]Nb and 
[1 1 0IN b. High-resolution TEM of the interface did 
not reveal the presence of a reaction layer. This is in 
contrast to other studies, where niobium oxides [37] 
or impurities present in polycrystalline A1/O 3 or 
niobium segregated or catalysed reactions at the inter- 
face during hot pressing [38]. Non-equilibrium phases 
may form at the interface due to diffusion of impurities 
to accommodate misfit strain. While A1203 is dis- 
solved by niobium at ~ 1700 ~ no metallic alumi- 
nium found in single-crystal couples bonded at 
1700 ~ for 2 h [9]. It is possible that a small amount 
of A120 a was dissolved and subsequently precipitated 
at the interface upon cooling. This should form defects 
at the interface due to the misfit strains developed at 
the interface, but none were observed. These results 
indicate that chemical interaction between high-purity 
single-crystal niobium and A120 3 is minimal during 
diffusion bonding. 

Another study examined the Nb/A1/O3 interface by 
internally oxidizing an Nb-3  at % A1 alloy at 1450 ~ 
[32]. No interfacial compounds were detected by 
high-resolution TEM, and the interface was observed 
to be atomically flat. The outer layer of AI20 3 was 
suggested to consist of a monolayer of oxygen atoms. 
The Nb/Al20 3 interface has also been examined by 
XPS and Auger electron spectroscopy (AES). Several 
monolayers of niobium were evaporated in situ on to 
(000 1) sapphire substrates heated to 1000~ [33]. 
High-resolution spectra of Nb (3d), O(ls), and Al(2p) 
versus niobium coating thickness indicate that the 
niobium donates electrons to surface oxygen atoms to 
form N b - O  bonds. Thus, a chemical reaction occurs 
between niobium and A120 3, but it is limited to 
approximately one monolayer. 

The former TEM study [9] did not discuss the 
presence of an oxide layer on polished niobium 
(1-2 nm thick) or physisorbed or chemisorbed species 
on niobium or sapphire. Physisorbed species such as 
H 2 0  will mostly desorb upon heating, while mono- 
layer coverage of hydrocarbon should innocuously 
diffuse into an infinite sink of niobium. At temper- 
atures typical of diffusion bonding, the oxide layer on 
niobium will likely be reduced by bulk niobium, which 
has ~ 0.1 wt % solubility for oxygen at 25 ~ Re- 
markably, efforts to determine the nature of the 
Nb/A1/O3 interface exhibit similar results while util- 
izing samples prepared by greatly different methods 
and with different levels of surface contamination [9, 
32, 33]. 

The Ti/AlzO3 system, in contrast, is highly reactive, 
resulting in considerable degradation of the interface 
[34 36]. Single-crystal A1203 fibres, ~ 300 ~m dia- 
meter, were hot pressed between commercially pure 
s-titanium sheets ~ 400 gm thick at 815~ for 2 h 
and l l 0 M P a  [34], then vacuum annealed at 
600-1000~ for times sufficient to produce measur- 
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able reaction zones and determine rate constants. The 
resulting reactions were characterized by XRD and 
electron microprobe. The reaction product after ex- 
posure to 1000 ~ for 100 h was ~ 40 gm thick and 
found to consist of TiaA1 and TiA1. Microhardness 
measurements were used to determine the extent of 
oxygen diffusion into the surrounding matrix. 

Reactions between thin films of titanium on bulk 
alumina and on alumina-containing substrates have 
been extensively studied [35, 36]. Single-crystal alu- 
mina substrates maintained at 25 and 1000~ were 
coated with titanium by evaporation, then examined 
by XPS [35]. At 25 ~ several monolayers of titanium 
were found to reduce the A120 3 surface and produce 
T i -O  bonds. In contrast, coatings deposited on sub- 
strates held at 1000~ produced both T i -O  and 
Ti-AI bonds. In the former, titanium bonds to a 
monolayer of oxygen atoms on the oxide surface, 
while in the latter reduction of the oxide is extensive 
and enables the formation of titanium-aluminium 
compounds. 

Interfacial reactions between titanium and amorph- 
ous cordierite-bascd (2MgO-A1203.5SiO2) ceramic 
films 200nm thick on single-crystal silicon were 
characterized by XPS [36]. Si O bonds were found to 
dissociate at room temperature with sub-monolayer 
coverages of titanium. Additional coverage by tita- 
nium began to reduce AI-O bonds. Vacuum an- 
nealing results in increased reaction kinetics between 
titanium and SiO 2 and A120 3. However, titanium was 
not observed to reduce the Mg -O  bond up to 800 ~ 
Magnesium oxide-based compounds may be debond 
coatings worth investigating in titanium matrix com- 
posites. 

It is apparent that a reactive system such as 
Ti/A1203 produces intermetallic reaction products 
that thicken with extended exposure to elevated tem- 
perature, thereby forming a more complicated inter- 
face. If the fracture energy of the reaction products is 
sufficient to discourage extensive debonding, then the 
toughness of the composite is reduced. For example, 
uncoated niobium plates diffusion bonded to TiA1 
reacted to form o and T 2 phases 4-6 gm thick [6]. 
Tensile testing showed debonding occurred in the cy 
phase, which had a measured fracture energy of Fi 
= 45 J m - 2. This is sufficient to retard debonding and 

reduce the work of rupture by 66%. These results 
suggest that there may be similarity between the 
Nb/A120 3 and Nb/Y/O 3 systems [6, 9, 32, 33]. The 
Nb/Y20 a interface may be atomically sharp, similar 
to that found in Nb/A120 3 [9]. This, coupled with a 
lower Y20 3 fracture energy, may cause the improved 
debonding and higher fracture toughness observed 
experimentally [6]. 

4.3. Relat ionships to debonding 
The success of a particular material as a debond 
coating will depend on a combination of several fac- 
tors, including coating thickness, surface and bulk 
impurities, local stress state, coating mechanical prop- 
erties, bond strength between the coating and re- 
inforcement or matrix, thermodynamic stability, and 
microstructure. 



Coating thickness has not yet been quantified, but it 
is reasonable to assume that there are optimum thick- 
nesses that may be defined by other variables in the 
composite system such as reinforcement size or diffus- 
ivity. Impurities in the bulk can accumulate at the 
interface [91, and are expected to be detrimental in 
most cases. The effect of surface impurities remains 
uncertain, but does not appear to cause difficulties in 
the case of Nb/AI/O 3 [9, 32, 33]. However, the use of 
high surface area reinforcements such as multifilament 
fibre tows, whiskers, or particulates, may require pref- 
erential treatment to avoid the introduction of large 
amounts of physisorbed species. Interstitials or minor 
alloying elements may locally stabilize unwanted 
phases or precipitate new phases, thereby deleteri- 
ously affecting matrix properties. 

Debonding has been observed in many fibre coat- 
ing/matrix systems including Nb/YzOa/TiA1 [6], 
AlzO3/Mo/A1203 [71, Al/O3/porous ZrO2/A1203 
[81. SiC/C/AS [2], SiC/BN/SiC [391, and 
W/AlzO3/TiTaA1 z [40]. The coefficient of thermal 
expansion (CTE) should be an important considera- 
tion in selecting debond coatings. In particular, the 
difference in relative CTE between the fibre/coating/ 
matrix should be small (A~ = 1 3 p.p.m. ~ In 
some case the interface is in compression, while in 
others the interface is in a small amount of tension. 
There seems to be no simple rule for determining 
which case is most desirable, other than that the 
magnitude of the tensile stress cannot be high. 

Oxide coatings perform well in ductile phase- 
reinforced brittle-matrix systems because they fracture 
at low applied stress, enabling plastic deformation of 
the toughening phase [6]. The specific fracture energy, 
Fi, of oxide coatings is small, typically on the order of 
25 J m -z. The improved debonding obtained with 
YzOa versus AlzO 3 coatings suggests the fracture 
energy of the former is lower. In addition, pores in the 
coating will affect coating fracture toughness and 
debonding behaviour of composites [8]. Thus, prior 
knowledge of thin-film fracture toughness, its depend- 
ence upon porosity, and control of porosity in the 
application of coatings can be useful in guiding future 
coating selection. Successful debond coatings must 
also be thermally stable and substantially non-react- 
ive with respect to both the matrix and reinforcing 
phase. The Gibb's free energy of formation of ~-A120 3 
and Y203 is --378.2 and -434 .2  kcal mol - t ,  re- 
spectively [41]. Yttria should, therefore, be more diffi- 
cult to reduce by niobium and TiA1 at typical diffu- 
sion-bonding temperatures and times, thus retaining a 
sharp interface. For similar reasons, Y203 also serves 
as a protective coating between the niobium reinforce- 
ment and the TiA1 matrix. 

The microstructure of sputtered Y203 was found to 
consist of tapered crystallites extending through the 
thickness of the coating, perhaps resulting in pipe 
diffusion and increased reaction with the matrix or 
reinforcement. Such interaction should affect debond- 
ing by altering the interfacial chemistry. While this 
may occur in some systems, it has not yet been 
observed in the composite system under investigation. 
Further, sputtered Y203 coatings evaluated in nio- 

bium-reinforced TiA1 matrices remain columnar after 
hot-pressing (Fig. 8). Conversely, molybdenum and 
ZrO 2 coatings in AlzO3/A120 3 laminate specimens 
become equiaxed after hot-pressing [7, 8]. This will 
also probably affect the mechanical properties of the 
coating, interface, or crack path. For example, thermal 
exposure during composite processing or coating 
microstructure may determine the location of debond- 
ing, i.e. within the coating, at the coating/fibre inter- 
face, or at the coating/matrix interface, whichever has 
the lowest specific fracture energy. No rationale has 
yet been developed to guide selection of the preferred 
debonding site. 

4.4 Analysis of indentation-derived coating 
fracture results 

4,4,1. Y203 coatings on AI 20 3 
The specific fracture energy of interfaces modified with 
coatings was measured by Hertzian cone crack- 
ing experiments using a model single-crystal 
AlzO3/A120 3 composite system [7, 81. The coatings 
evaluated include molybdenum, yttria-stabilized 
ZrO2 (tetragonal structure), TiA1, m-ZrO 2 (m 
= monoclinic), and Y203. All coatings were depos- 

ited by sputtering, while the latter two were also 
applied using sol-gels, at a nominal coating thickness 
of 1 gm. Single-ply laminate specimens were fabri- 
cated by diffusion-bonding coated A1203 wafers in 
vacuum at 1000-1400 ~ under a pressure of 1 MPa. 
Cracks were introduced into the A120 3 laminate by 
applying a point load using a 12.5 mm WC ball. The 
Hertzian crack reaches the interface and either passes 
through the coating or is deflected by fracture along 
the interfacial coating, resulting in improved tough- 
ness. Coatings which exhibited this behaviour had low 
specific fracture energies and include molybdenum (F i 
= 3-5 J m -E) and ~ 50% porous monoclinic ZrO/ 

(F i = 4 Jm-2) .  Conversely neither sputtered nor 
sol-gel Y203 coatings were suitable because they 
reacted partially with the A120 3 substrate to form 
YAG at the interface, resulting in a high specific 
fracture energy (Fi = 25 J m-2). 

The fracture toughness and specific fracture energy 
of the AlzO3/Y20 3 interface measured in the present 
study by indentation tests are 0.15 M N m  -3/z and 
0.046 J m -E, respectively (Table I). Both values are 
lower than expected. The difference is attributed to the 
evaluation of as-deposited coatings which did not 
react with the A1203 substrate to form YAG, due to 
the low substrate temperature during sputtering, 
and the columnar microstructure. The low specific 
fracture energy of the Y2Oa/A1203 interface 
(Fi = 0.046 J m-2) is indicative of weak bonding be- 
tween as-deposited Y203 coating and the alumina 
substrate. 

4.4.2. Y203 coatings on niobium 
The interfacial debonding characteristics of sputtered 
AlzO3 and Y203 interface in a TiA1/Nb composite 
showed that the preferred debond coating is YEO3 . 
The specific fracture energy of the Y/O3/Nb interface 
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is ~ 25 J m-  2, and is sufficiently low in this composite 
system to promote extensive plastic deformation of 
the ductile phase over a large volume. Debonding, 
coupled with a ductile phase which easily work hard- 
ens, results in a composite with high toughness. In- 
dentation test data (Table I) show that the calculated 
fracture toughness and fracture energy of as-deposited 
Y203 on niobium reflect failure of the Y203 coating 
and deformation of the niobium substrate as a single 
unit. Thus, measurements of K~,~ could not be made 
because coating failure is not ' independent of the 
substrate. 

4.4.3. Niobium coatings on Y203 
Indentation tests to determine the fracture toughness 
and fracture energy of the Nb-Y203 interface could 
not only be assessed if the test specimen geometry 
were reversed, i.e. sputtered niobium coating on sin- 
gle-crystal Y z O a  . The interfacial fracture toughness is 
an order of magnitude lower than that found in 
uniaxial tensile tests of niobium-reinforced TiAI lam- 
inates [6]. As a result, the specific fracture energy of 
the Nb-Y203 interface as determined by indentation 
tests did not correlate with that found in tensile tests 
using diffusion-bonded Nb-TiA1 laminates. 

4,4.4. Bulk Y203 
The fracture toughness of bulk Y203 reportedly varies 
from 2.3 3 .4MNm-3/2 [20], resulting in F i 
---9.95 21.7 J m -2. Conversely, the measured in- 

dentation-derived fractured toughness of as-deposited 
Y203 coating on sapphire is 1.58 MN m-3/2, resulting 
in F~ = 4.7 J m -2 (Table I). The intrinsic fracture 
toughness of as-deposited YzO3 coating is about half 
that of bulk Y203. The difference is due to the evalu- 
ation of dissimilar microstructures, i.e. sub-micro- 
metre columnar Y203 grains for vapour-deposited 
Y203 versus equiaxed grains in bulk Y203. Regard- 
less, reasonable correlation to bulk properties can be 
achieved via Vickers indentation testing, provided the 
coating is deposited on to a hard substrate. 

4.5. Factors affecting fracture 
toughness results 

There are several factors which can affect the response 
of the coating to indentation tests. These include 
thickness, residual stress, bond strength, microstruc- 
ture, and elastic modulus. The hardness, elastic modu- 
lus, and fracture properties of micrometre-thick 
coatings can be evaluated using the Nanoindenter | 
However, the loads required to initiate radial cracks at 
the corners of the indentation may exceed that load 
range of this instrument, as was the case for as- 
deposited Y203 coatings on sapphire (Section 3.3.1). 
Thus, it is reasonable to assume that there is minimum 
thickness that is required for testing. The present 
study indicates that coatings --~ 1 ktm thick are suit- 
able for testing. This is also a useful coating thickness 
for applications requiring debond coatings on mono- 
filament or multifilament fibres. 
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Residual tensile or compressive stresses are com- 
monly found in as-deposited sputtered coatings, and 
may be caused by the sputtering equipment geometry 
or deposition conditions. These include target-to-sub- 
strate distance, working gas pressure, reactive gas 
partial pressure, substrate bias, or coating/substrate 
thermal expansion mismatch [42]. The residual stress 
in as-deposited films can affect indentation tests. For 
example, coatings with residual compressive stress 
may inhibit radial cracking and result in higher Kc. 
Conversely, Kc, i may be reduced due to a propensity 
for the coating to buckle. Residual stress may not be a 
significant factor in the present study because the 
fracture toughness of as-deposited Y203 is in reason- 
able agreement with bulk Y203. 

The bond between the coating and substrate must 
have sufficient strength to allow the coating to be 
probed at loads required to produce the desired coat- 
ing fracture morphology. This will be most greatly 
influenced by post-deposition processing of the coat- 
ing/substrate system such as hot-pressing. Laminate 
samples previously evaluated were hot-pressed at tem- 
peratures ranging from 1066-1450~ [6, 7], which 
may result in the formation of interracial compounds. 
For example, Y203 coatings on sapphire reacted to 
form a layer of YAG at the interface [7]. The inter- 
facial fracture toughness of this system will be higher 
than as-sputtered Y203 on sapphire. 

The microstructure of as-deposited Y203 coatings 
consists of tapered crystallites extending through the 
thickness of the coating and is produced by low 
adatom mobility due to low homologous temperature 
and preferential growth of crystallites [18]. This 
microstructure will affect the results of indentation 
tests because the load is applied parallel to columnar 
grains. The difference in fracture toughness between 
as-deposited Y203 and bulk Y2Oa is attributed to 
evaluation of dissimilar microstructures, i.e. sub- 
micrometre columnar Y/O a grains for vapour-depos- 
ited Y203 versus 1-10 ~m diameter equiaxed grains in 
bulk Y203 [20]. 

Calculations to determine F~ utilize the elastic 
modulus of Y/O 3 as determined by the Nanoinden- 
ter ~. This value, 150 GPa, agrees with that previously 
determined for bulk Y203 [23]. The elastic modulus is 
determined by a uniaxial tension test where stress is 
linearly proportional to strain. However, this condi- 
tion is not satisfied by indentation tests nor for thin 
coatings attached to a substrate. In addition, the 
indentor does not load the coating in uniaxial tension, 
the condition under which Young's modulus is ob- 
tained. The elastic modulus is also a directional pro- 
perty [43], so the modulus of free-standing films 
deposited at low T/TM will be anisotropic and vary 
depending upon orientation to the columnar grains. 
These factors cause uncertainty in the application 
of bulk elastic properties to the determination of Ko 
and F i. 

The modulus of elasticity is also a function of the 
type of chemical bonding in a crystal, i.e. ionic, cova- 
lent, metallic [43]. A thin free-standing film should, 
therefore, exhibit bulk elastic properties, provided the 
ratio of surface atoms to interior atoms is low. A 1 ~tm 



thick film contains ~ 3000 atoms through-thickness, 
which should be sufficient to satisfy this criterion and 
exhibit bulk or near-bulk properties. A similar argu- 
ment may also apply to other properties of coatings 
1-2 ~tm thick. 

The elastic modulus of supported and unsupported 
thin films has been determined by different techniques, 
and varies from 0.1-0.9 of bulk properties [45-46]. 
These results indicate that elastic properties are de- 
pendent upon many variables related to mechanical 
test conditions, coating deposition method, and 
perhaps even sputter-deposition parameters. The spe- 
cific fracture energy of as-deposited Y203 on Al20 3 
was found to be 4.7 J m -2 (Table I). Calculation of 
this parameter using 75 and 15 GPa (instead of 
150 GPa) yields specific fracture toughnesses of 9.4 
and 46.9 J m - 2  respectively. The specific fracture en- 
ergy of as-deposited Y203 approaches that of bulk 
Y 2 0 3  for E = 75 GPa. However, there are distinct 
differences in microstructure as previously noted. 
Thus, values of K c and Kc,i calculated for as-deposited 
Y203 on sapphire using Young's modulus for bulk 
Y203 may, indeed, be indicative of actual coating 
fracture properties and interfacial debonding behavi- 
our. 

The calculated values for fracture toughness and 
fracture energy derived by indentation tests must be 
used carefully because numerous test-related factors 
can affect the results ~ [13, 14, 19, 47]. Many of the 
factors related to the coating, its deposition, or in- 
dentation test technique are difficult, if not impossible 
to control. However, the results presented in Table I 
show that indentation and tests can be used to deter- 
mine coating fracture properties, Kc, with reasonable 
correlation to bulk properties. However, the inter- 
facial fracture toughness, Kc,i, and specific fracture 
energy, Fi, could not be correlated to results obtained 
from laminates evaluated by tensile [6] or Cone crack 
[7, 8] tests. This is attributed to differences in test 
methods and sample preparation. For example, tensile 
tests to determine Fi in niobium-reinforced TiAI meas- 
ures decohesion along two interfaces, while indenta- 
tion tests measure only one interface. Hertzian cone 
crack tests are an elastic indentation test method, 
while Nanoindenter | and Vickers indentation tests 
are plastic indentation test methods. Samples pre- 
pared by r.f. sputtering were not exposed to the same 
thermal history as diffusion-bonded samples. 

5. Conclusion 
The fracture toughness, interfacial fracture toughness, 
and specific fracture energy for as-sputtered YzO3 
coatings on sapphire and commercial purity poly- 
crystalline niobium substrates, and niobium-coated 
Y203 were determined via micro- and nanoindenta- 
tion techniques. The results were compared to fracture 
toughness studies of AlzO3/A1203 [7, 8] and niobium- 
reinforced TiA1 laminate coupons containing Y203 
interfacial coating [6]. The calculated fracture tough- 
ness of as-deposited Y 2 0 3  o n  sapphire was similar to 
reported values for bulk Y203. However, the fracture 
toughness of the YzO3-Nb interface is lower than that 

previously reported. As a result, the specific fracture 
energy of the interface was also lower than expected, 
and is attributed to differences in coating micro- 
structure and weak bonding between as-deposited 
coatings and the substrates. 

These results were related to factors which 
may affect debonding and fracture toughness of 
brittle matrix composites. Reactive and non-reactive 
metal/ceramic systems were reviewed in an effort to 
understand why this coating performs well. It is postu- 
lated that Y203-coated niobium has an atomically 
sharp interface which has a lower fracture energy 
compared to Nb/A1203, resulting in improved debon- 
ding and fracture toughness in niobium-reinforced 
TiA1 [6]. Additional studies must be performed to 
quantify better the attributes common to fibre/coat- 
ing/matrix systems that exhibit desirable fracture be- 
haviour, so that predictive guidelines can be used to 
select debond and protective coatings. 
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