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Exposures consisting of 1 to 900 h at 1000 and 1100 °C after an ageing treatment of 16 h at
870°C were used to study the thermal stability of selected y'-strengthened Ni-based
superalloys representing conventional, directional solidification, and single-crystal castings.
Various techniques of microscopy, spectroscopy and diffraction were used to characterize the
microstructure. Primary MC carbides in the alloys studied were found to be stable toward
decomposition into lower carbides. In the aged condition, the strengthening vy phase assumed
a cuboidal morphology; however, all alloys also contained varying proportions of coarse
lamellar " and hyperfine cooling y'. On an atomic scale, the nature of the cuboidal y'—matrix
interface was found to vary from coherent to partially coherent. However, the overall lattice
mismatch varied from one alloy to another depending upon its compaosition and the
distribution of various elements in carbide phases and lamellar ¥’ phase. Directional growth of
the cuboidal v’ phase upon exposure to higher temperatures was found to be accelerated by a
large initial lattice mismatch leading to a considerable loss of coherency, as indicated by the
observation of dislocation networks around the v’ particles. Although the composition of the
v phase remained essentially unchanged, there was a marked change in matrix composition.
Sigma phase was found to precipitate in all alloys, but its thermal stability was a function of
alloy composition. The initial decrease in hardness followed by a hardening effect during
exposure could be explained in terms of the partial dissolution of the y' phase and

precipitation of sigma phase.

1. Introduction

Although structural applications of ceramics, com-
posites and intermetallics in gas turbine engines may
have potential for extending their temperature cap-
abilities [1], it is unlikely that these materials could
replace the superalloys at least in the foreseeable
future [2]. Improvements in engine thrust, fuel
consumption and durability continue to be largely
dependent upon advances in superalloy technology as
well as cooling systems. Advances in casting-alloy
development as well as the improvement in melting
practices have significantly contributed to increasing
the temperature capabilities of Ni-base superalloys
strengthened by the ¥’ phase [3-6]. Directional solidi-
fication [7, 8] and single-crystal castings [8] are
among the most important techniques developed to
control the microstructure. In most advanced super-
alloys, the strength of the ¥’ phase is optimized by ad-
ditions of Ti and Ta, and additional strengthening
of the matrix solid solution (y phase) is provided by
additions of Mo, W and Re [9, 10].
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Extensive reviews have dealt with the mechanical
properties of the v phase based upon the Ni,Al
composition as well as y’-containing alloys [11, 12].
Typically, the mechanical properties of y'-strength-
ened alloys are evaluated after solution annealing, and
a standard ageing treatment designed to precipitate
the strengthening v’ phase. Subsequent prolonged ex-
posure to higher temperatures, however, can cause
significant changes in the volume fraction and mor-
phology of the vy’ phase [13—-19]. Misfit dislocations
between the v and y phases can form readily either
during prolonged exposure to elevated temperatures
[13] or during plastic deformation [20, 21], resulting
in loss of coherency between the two phases. Other
important microstructural changes include precipit-
ation of topologically close-packed phases such as the
sigma phase [20, 21] and decomposition of primary
carbides [19, 22, 23].

It was the objective of this investigation to study
the thermal stability of selected Ni-base superalloys
representing three classes of castings: (i) conventional
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(Inconel alloy IN 100), (ii) directional solidification
(alloy MAR M 002 DS), and (iii) single crystal (alloys
RR 2000 and SRR 99)*.

2. Experimental procedure

Table I summarizes the nominal chemical composi-
tions of the alloys investigated. As can be seen, alloy
RR 2000 is essentially the single-crystal version of the
cast alloy IN 100 where grain-boundary strengthening
clements such as C, B and Zr are eliminated. Similarly,
alloy SRR 99 is the single-crystal version of alloy
MAR M 002 DS.

Specimens examined were in the form of rods about
20 mm in length and 8 mm in diameter. All specimens
were heat-treated for 1 h at 1100°C in argon atmo-
sphere, air-cooled, aged for 16 h at 870°C in argon
and finally cooled in argon. Henceforth, this will be
referred to as the aged condition. The mean blade
temperature during engine operation is usually about
900-1000 °C, but the temperature may locally rise to
1100°C due to hot-spot conditions. To cover this
range, aged specimens were exposed for 1, 8, 24, 100,
500 and 900 h at 1000 and 1100°C to study the
thermal stability of each alloy.

Light optical metallography, scanning electron
microscopy (SEM) and the transmission electron
microscopy (TEM) mode of an analytical electron
microscope (AEM) were used to characterize the
microstructure. Structural analysis was conducted by
X-ray diffraction using CuK, radiation. Energy- and
wavelength-dispersive X-ray spectroscopy (EDXS
and WDXS, respectively) were used to determine the
microchemical composition of bulk specimens in the
SEM. Also, EDXS employing an ultra-thin window
detector was used to determine the microchemical
composition of thin-foil specimens in the scanning
transmission electron microscopy (STEM) mode of an
AEM.

TABLE I Nominal chemical compositions of the alloys studied

Element Composition (wt%)

IN 100 RR 2000 MAR M SRR 99
002 DS

Cr 9.5 10 9 8.5
Al 5.5 5.5 5.5 5.5
Ti 4.75 4 1.5 2.2
Co 15 15 10 5
Mo 3 3 0.5% 0.5
w 0.2* 0.5* 10 9.5
Ta - 0.05% 25 2.8
Hf - 0.05% 1.25 0.05
v 0.95 1 - -
Zy 0.95 0.01° 0.055 0.01°
Fe 1 0.12 0.5% 0.1*
B 0.015 - 0.015 -
C 0.175 0.015 0.15 0.015
Ni Bal. Bal. Bal. Bal.
* Maximum.

Specimens for light optical metallography were
etched in Marble’s reagent (10 g copper sulphate,
50 ml HCI and 50 ml H,O). As-polished specimens
were used for structural analysis by X-ray diffraction.
Thin-foil specimens for AEM experiments were pre-
pared by the jet polishing technique in a solution
consisting of 30% nitric acid in methanol at about
— 20°C. All specimens were examined at 200 kV.

3. Results and discussion

3.1. Microstructure in the aged condition

Fig. 1 illustrates light optical micrographs and X-ray
diffraction patterns derived from the alloys studied
in the aged condition. Occasionally, voids typical of
cast metal products were observed, particularly in the
single-crystal alloys. All alloys contained MC carbides
assuming script, cubic and/or semi-rounded morpho-
logies. However, the cubic morphology was parti-
cularly pronounced in alloy MAR M 002 which could
be related to the presence of Hf [24]. As expected, the
polycrystalline alloys (IN 100 and MAR M 002) con-
tained greater densitics of MC carbides in compar-
ison with their single-crystal versions (RR 2000 and
SRR 99).

In addition to reflections of the matrix (y phase,
face-centred cubic solid solution), all diffraction pat-
terns contained characteristic superlattice reflections
of the v phase (L1, superlattice, face-centred cubic)
such as the (100) and (1 10) as shown in Fig. 1. Since
the volume fraction of carbide phases in each alloy
was less than about 10%, no carbide reflections were
observed. As shown in Fig. 1a, alloy IN 100 had
a random grain orientation; however, because of
the relatively small diameter of the X-ray beam in
comparison with grain size, the intensities of some
reflections were unusually high. For the directionally
solidified alloy MAR M 002 and the single-crystal
alloys RR 2000 and SRR 99, the (2 00) reflections were
the most intense, reflecting the normal {100} growth
direction [25].

For all alloys studied, the v’ phase assumed three
distinct morphologies: (i) lamellar, (ii) cuboidal and
(iii) spherical, but the cuboidal morphology was
predominant. Coarse lamellar ¥’ was particularly ob-
served near the surface as shown in Fig, 2. Evidently,
this form of y' had formed during solidification and
could not be completely redissolved during solution
annealing [25]. Because of the 75-100°C higher
melting range of the single-crystal alloys in compar-
ison with the polycrystalline versions, they contained
greater proportions of lamellar y'.

Fig. 3 illustrates the cuboidal y’ phase providing the
main source of mechanical strength and which had
formed during thermal ageing. All alloys studied con-
tained about the same volume fraction of cuboidal
v (68-70%), estimated metallographically using the
point counting method [26]. The average particle size
ranged from about 0.32 pm in alloy SRR 99 to 0.63 ym
in alloy IN 100. Such a range of particle size is

* Inconel is a registered trademark of the Inco family of companies, MAR M is a registered trademark of Martin Marietta Corporation, while

SRR and RR are registered trademarks of Rolls-Royce plc.
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Figure 1 Light optical micrographs (as-polished specimens) and X-ray diffraction patterns derived from the alloys studied in the aged
condition: (a) IN 100, (b) RR 2000, (c) MAR M 002 DS, (d) SRR 99. Asterisks indicate L1, superlattice reflections.

typically used to compromise between strength and
ductility [27].

Previous work had demonstrated that the volume
fraction of ¥ phase formed in an alloy after a given
ageing treatment is only a function of the atomic
concentrations of y'-forming elements, particularly Al,
Ti, Ta and Hf [6, 22, 28, 29]. However, the (Al + Ti)
concentration is considered the most significant in
determining the volume fraction of ¥’ phase [6]. It was
shown that increasing the (Al + Ti) concentration
above the level characteristic of alloy IN 100 had no
significant effect on the volume fraction of vy’ phase
because insignificant amounts of these elements above
that level could be precipitated in the form of y" phase
[6]. As shown in Table 1, all the alloys studied con-
tained the same Al concentration. Although alloys

MAR M 002 and SRR 99 contained less Ti in com-
parison with alloys IN 100 and RR 2000, ali alloys
contained about the same volume fraction of ¥’ phase
as summarized in Table II, suggesting that the pres-
ence of both Ta and Hf in alloy MAR M 002, and Ta
in alloy SRR 99, could have compensated for the
reduced Ti content. Based upon analysis of extraction
residues, it has also been suggested that W could
increase the volume fraction of Yy’ phase [15].
However, as shown later, only the lamellar ¥ which is
unavailable for strengthening [25] was found to be
enriched in W (alloys MAR M 002 and SRR 99) and
the strengthening cuboidal ¥’ was relatively free of W.

Some investigations of the growth kinetics of vy
have suggested that at a given ageing temperature, the
particle size increases with the (Al + Ti) content of the
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Figure 2 Secondary electron SEM images of alloys illustrating lamellar y' near the surface as indicated by the arrows (aged condition):
(a) IN 100, (b) RR 2000, (c) MAR M 002 DS, (d) SRR 99.
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Figure 3 Secondary electron SEM images illustrating cuboidal v’

phase in the alloys studied (aged condition): (a} IN 100, (b) RR 2000,
(c) MAR M 002 DS, (d) SRR 99.
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TABLE II Effect of alloy composition on volume fraction of ¥
phase

Al + Ti + Ta + Hf

Alloy Volume fraction
content (at %) of cuboidal ¥ (%)

IN 100 16.42 68

RR 2000 15.73 70

MARM 002 DS 1516 68

SRR 99 15.61 68

alloy [30, 31]. However, it was also argued that the
particle size is only a function of ageing temperature
and time [29]. Although the possible dependence of
particle size on the (Al + Ti) content appeared to be
valid in the case of alloys IN 100 and RR 2000, it could
not explain the observed difference between alloys
MAR M 002 and SRR 99. Also, a dependence on
ageing temperature and time only could not explain
the observed differences in Fig. 4, since all alloys were
given the same ageing treatment. However, as de-
scribed below, differences in Co content could be a
contributing factor. ;

Cobalt has long been known to significantly influ-
ence the Y’ solvus temperature, depending upon the
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Figure 4 An example illustrating convergent-beam clectron diffrac-
tion analysis to determine the lattice constants of the y' and y phases
in alloy IN 100: (a) Bright-field TEM image illustrating cuboidai vy’
particles. (b) {00 1] convergent-beam diffraction pattern represent-
ative of the ¥’ phase; the zero-order Laue zone is shown in the inset
where characteristic reflections of the L1, superlattice of y* phase
are observed at {100}, {110} and all equivalent positions. (c) [001]
convergent-beam diffraction pattern representative of the y phase
(matrix solid solution).

relative concentrations of Al and Ti [28, 32, 33]. If the
Ti content of the alloy is greater than that of Al,
reducing the Co content has the effect of lowering
the v’ solvus temperature [32]. In contrast, if the Al
content is greater than that of Ti as in the present
study (Table I), reducing the Co content has the effect
of raising the v’ solvus temperature [28, 33]. There-
fore, the y' solvus temperature of alloy SRR 99 (5%
Co) would be expected to be higher than that of alloy
MAR M 002 (10% Co). At a given ageing temper-
ature, the degree of undercooling of alloy SRR would
be greater in comparison with alloy MAR M 002,
leading to a greater nucleation site frequency and finer
particle size as observed.

Only in the case of alloy IN 100, the spherical
v which had formed during cooling from the ageing
temperature could be resolved on the scale of SEM as
indicated by the arrows in Fig. 3a. As can be seen, the
cooling v’ formed in between the cuboidal vy’ particles.
For the other alloys, the cooling ¥y’ could only be
resolved on the scale of TEM. Variations in particle
size from one alloy to another followed the same
pattern as the cuboidal v'.

Convergent-beam diffraction analysis such as that
shown in the example of Fig. 4 as well as X-ray
diffraction data (Fig. 1) indicated that the in situ lattice
constant of the cuboidal v’ in all alloys studied was
greater than the lattice constant of the respective
matrix phase. Table III summarizes the lattice mis-
match for each alloy. As can be seen, the lattice
mismatch for all alloys was greater than 0.5% and less
than 1%, which is consistent with the observed cuboi-
dal morphology [22, 24]. Since W would be expected
to expand the matrix lattice, its presence in relatively

TABLE III Comparative lattice mismatch between cuboidal v’
phase and matrix phase (y) '

Alloy Lattice mismatch,?
S = (ay — a,)/a,

IN 100 0.65

RR 2000 0.79

MAR M 002 DS 0.55

SRR 99 0.59

2 g = lattice constant.

large concentrations in alloys MAR M 002 and SRR
99 (Table I) could explain their comparatively smaller
lattice mismatch. However, the lattice mismatch of
alloy SRR 99 was slightly greater than that of alloy
MAR M 002, probably because of the higher Ti
content of alloy SRR 99. In contrast, alloy RR 2000
exhibited a considerably greater lattice mismatch in
comparison with alloy IN 100. Other than alloy com-
position, distribution of various elements such as Mo,
W, Ti and Ta in lamellar ¥’ phase and carbide phases
could significantly influence the lattice mismatch, as
described in the next sections.

An example illustrating the extent of coherency
between the v and y phases of alloy RR 2000 is given
in Fig. 5. As expected, the ¥’ phase maintained a cube-
to-cube orientation relationship with the y phase as
illustrated in the dark-field TEM experiment of
Fig. Sa—c. It is well known that both coherent and
partially coherent particles maintain a crystallo-
graphic orientation relationship with the surrounding
matrix phase [34]. Trace analysis by selected-area
diffraction (Fig. 5a—c) as well as by electron-chan-
nelling diffraction (Fig. 5d and e) revealed that the y'
particles were not perfectly aligned along (001 dir-
ections. It is evident from Fig. 5d and e, where the
normal to the specimen surface was exactly <00 1) as
determined from electron-channelling diffraction
(Fig. 5d), that the y'—v interface locally deviated from
{001} planes. A further confirmation was provided by
high-resolution lattice imaging of the interface
(Fig. 5f) where misfit dislocations of edge character
were observed about every ten atomic spacings, sug-
gesting that the nature of the interface varied from
perfect coherency to partial coherency. Similar results
were obtained for the other alloys studied, but the
extent of deviation from perfect coherency varied
according to the respective lattice mismatch (Table
III). As demonstrated later, this variation was re-
flected by the growth kinetics during exposure at
higher temperatures.

3.2. Thermal stability of carbide phases

Although in many superalloys, MC carbides formed
during solidification tend to decompose into lower
carbides such as M,;C, during ageing treatment at
lower temperatures [22], there was no evidence for
carbide reactions in any of the alloys studied. In both
the solution-annealed and aged conditions as well as
after up to 900 h of exposure at 1000 and 1100 °C, the
compositions and lattice parameters of all carbides
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Figure 5 An example illustrating the extent of coherency between the y" and y phases of alloy RR 2000 in the aged condition. (a) Bright-field
TEM image illustrating cuboidal y' phase. (b) Corresponding [001] selected-area diffraction pattern; characteristic reflections of the L1,
superlattice of the ¥ phase are observed at {100}, {110} and all equivalent positions. (c) Dark-field image formed with the encircled (1 00)
superlattice reflection in (b). (d) [00 1] electron channelling diffraction pattern derived from the specimen surface. (e) Secondary electron SEM
image corresponding to the pattern in (d). (f) One-dimensional lattice fringe image of (1 00) planes; fringe displacement at the y'—y interface is

indicated by the arrows.

were essentially identical. Therefore, the examples
given below are representative of the above condi-
tions.

Only one type of MC carbide could be detected in
alloy IN 100 and its single-crystal version alloy RR
2000. Analysis by TEM—-STEM suggested that this
carbide was of the type (TiggMo, ,)C with trace
amounts of Ni, Co and Cr (cubic; a = 0.419 nm) as
illustrated in the example of Fig. 6. Such a type of MC
carbide was reported to be present in alloy Rene’77
[22].

In the case of alloy MAR M 002, two types of MC
carbides were identified. As illustrated in the conven-
tional SEM-EDXS analysis of Fig.7, one type of
carbide was enriched in Ta and Ti, i.e. of the type
(Ta,Ti)C, and the other was Hf-rich, i.c. of the type
HfC. Both carbides contained trace amounts of Ni
and Cr. Fig. 8 illustrates an example of analysing
the Ta- and Ti-rich carbide by TEM—-STEM (cubic;
a = 0.448 nm). A similar analysis indicated that the
lattice parameter of HfC (cubic) was 0.461 nm. Only a
carbide of the type (Ta,Ti)C was observed in alloy
SRR 99 which is free of Hf (Table I).

Examples illustrating the effect of up to 900 h of
exposure at 1000 and 1100 °C on the composition of
various carbide phases in the alloys studied are sum-
marized in Fig. 9. As can be seen, the composition of
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each carbide remained essentially unchanged. The
presence of Ta has been reported to stabilize MC
carbides toward chemical decomposition at lower
temperatures, i.e. during ageing [24]. It is also evident
from the above results that other refractory elements
such as Hf and Mo could behave in a manner similar
to that of Ta.

In relation to the y'—y lattice mismatch, elements
present in carbide phases which could partition to the
Al sublattice in the y' phase such as Ta and Ti were
suggested to have no significant effect on the lattice
parameter of the y phase; however, elements such as
Mo and W which partition to the y phase could have a
significant effect [28]. Both Ta and Ti, however, were
shown to increase the lattice parameter of the ¥ phase
[15], in agreement with the results of this study as
demonstrated in the next section. Consequently, the
greater density of Ta- and Ti-rich carbide phases in a
polycrystalline alloy in comparison with its single-
crystal version would be expected to reduce the lattice
parameter of the ¥’ phase and in turn the extent of y—y’
lattice mismatch influencing the growth kinetics of
the v’ phase. As shown in the next section, the growth
kinetics of the y' phase in a single-crystal alloy was
accelerated in comparison with its polycrystalline ver-
sion, which could be related to the very small density
of Ta- and Ti-rich carbides in the single-crystal alloy.
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Figure 6 An example illustrating TEM—-STEM analysis of an MC
carbide particle in alloy RR 2000 (aged condition). (a) Bright-field
TEM image of a carbide particle. (b) [001] convergent beam
diffraction pattern derived from the particle in (a). (¢) One-dimen-
sional lattice fringe image of {200} planes of the carbide particle. (d)
Energy-dispersive X-ray spectrum derived from the carbide particle
in the STEM mode using an ultra-thin-window X-ray detector.

A similar effect could also be produced by an exact
distribution of elements such as Mo and W parti-
tioning to the matrix phase.

Frequently, dislocation tangles were observed at the
carbide—matrix interface in the aged condition as
illustrated in the example of Fig. 10a. It is possible that
these dislocations had formed during cooling from the
solution-annealing temperature to accommodate the
strain resulting from differences in thermal expansion
characteristics of the carbide and matrix. After expos-
ure to higher temperatures, dislocations appeared to
emanate from the carbide—matrix interface as shown
in Fig. 10b. Such dislocations were suggested to signi-
ficantly influence the extent of coherency between the
v and y phases during exposure to elevated temper-
atures [13]. However, the comparative behaviour of
the alloys studied indicated that the above role of
carbides was of little or no significance, as shown later.

3.3. Thermal stability of the y’ phase

In the case of alloys IN 100 and RR 2000, the lamellar
v" was enriched in Mo and for alloys MAR M 002 and
SRR 99, it was found to be enriched in W as illustrated
in the example of Fig. 11. In the case of alloys MAR M
002 and SRR 99, the lamellar y" was also found to
contain Ta as revealed by WDXS (Fig. 12). It is to be
noted that at relatively smail concentrations of Ta, it

Hf

Hf
1]

Hf

Tl'“'Cr""—Co'Ni

Ta

Ti

Ta

Ta Ta

Ticr Ni

(d)

Figure 7 Conventional SEM-EDXS analysis illustrating the pres-
ence of two types of MC carbide in alloy MAR M 002 DS (aged
condition). (a) Secondary electron SEM image (as-polished speci-
men). (b) Corresponding back-scattered electron composition im-
age. (c) Energy-dispersive X-ray spectrum derived from the particle
marked A in (a). (d) Energy-dispersive X-ray spectrum derived from
the particle marked B in (a).

is not possible to distinguish between W and Ta by
energy-dispersive spectroscopy because the energies of
their strongest peaks (W-M,: 1.78 keV and Ta-M,:
1.71 keV) lie within the spectral resolution (about
0.15 keV). Similar to the case of carbides described
earlier, the presence of Mo and W in the lamellar v/
could influence the lattice mismatch between the
cuboidal ¥ and the matrix.

An example illustrating TEM—-STEM analysis of
the cuboidal y" in alloy MAR M 002 is given in Fig. 13.
Since Co can substitute for Ni in the L1, superlattice,
Ti for Al and Cr for both Ni and Al, the spectral data
of Fig. 13 suggested that the composition of the
cuboidal ¥’ was of the type (Ni,Co,Cr);(Al,Ti,Ta,Cr). A
similar result was obtained for alloy SRR 99. For both
alloys, the Ti concentration in the spherical y' was
considerably smaller in comparison with the cuboidal
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Figure 8 An example illustrating TEM—STEM analysis of (Ta,Ti)-
rich carbide in alloy MAR M 002 DS (aged condition). (a) Bright-
field STEM image of a carbide particle. (b) [00 1] convergent-beam
diffraction pattern derived from the particle in (a); the zero-order
Laue zone is shown in the inset. (¢) X-ray mapping image of Ta.
(d) One-dimensional lattice fringe image of {200} planes of the
carbide particle. (e) Energy-dispersive X-ray spectrum derived from
the carbide particle in the STEM mode using an ultra-thin-window
X-ray detector.

v as shown in the example of Fig. 14. Evidently, most
of the available Ti was consumed in forming the
cuboidal v’ during ageing. The change of morphology
from cuboidal to spherical as the Ti concentration was
considerably reduced suggested that expansion of the
L1, superlattice by the presence of Ti was rather
significant, which is contrary to an earlier suggestion
[23].

In the case of alloys IN 100 and RR 2000, the
composition of the cuboidal y’ was found to be of the
type (N1,Co,Cr)3(AL Ti,Cr). Also, the spherical ¥ had a
considerably lower Ti concentration.

Examples illustrating the effect of 900 h of exposure
at 1000 and 1100 °C on the morphology of cuboidal '
phase in alloys IN 100 and RR 2000 are shown in the
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Figure 9 Effects of exposure time at (——) 1000 and (- - ~) 1100°C
on the compositions of MC carbides in the alloys studied.
(a) (Tig Mo, ,)C carbide in alloys IN 100 and RR 2000: (@) Mo,
(A) Ti. (b) (Ta,Ti)C carbide in alloys MAR M 002 DS and SRR 99:
(@) Ta, (A) Ti. (¢} HfC carbide in alloy MAR M 002: (@) Hf.

secondary electron SEM images of Fig. 15. Relative to
the aged condition, the y’ particles of both alloys were
coarsened. For alloy IN 100, the coarsening was
rather non-directional (Fig. 15a,c,€). In contrast, dir-
ectional coarsening was considerably pronounced in
alloy RR 2000. Directional coarsening was suggested
to be accelerated by a larger y'—y lattice mismatch
[15], which appeared to be consistent with the data of
Table III. Based upon the overall compositions of the
two alloys (Table I), particularly the Ti and Mo con-
tents, a similar lattice mismatch would be expected.
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Figure 10 Examples of bright-field TEM images illustrating dis-
location structures at carbide—matrix interfaces of alloy RR 2000
as indicated by the arrows: (a) aged condition, (b) exposed for 24 h
at 1000°C,

Evidently, however, redistribution of these elements
in other phases (Mo in lamellar y' reducing the lattice
constant of the y phase as well as Ti and Mo in MC
carbide reducing the lattice constants of the y' and
v phase, respectively) had a significant effect on the

lattice mismatch. A greater proportion of the Mo-rich
lamellar v in alloy RR 2000 would be expected to
increase the lattice mismatch due to depletion of the
matrix phase in Mo. Also, the smaller density of the
Ti-rich carbide in alloy RR 2000 couid further contrib-
ute to increasing the lattice mismatch. Considerable
loss of coherency, particularly in the case of alloy RR
2000, was evident from the observation of dislocation
networks around the ¥’ particles as shown in Fig. 16a.
Also, growth antiphase boundaries were frequently
observed as illustrated in Fig. 16b and c. Contrary to
earlier suggestions [13], the above results indicated
that the role of carbide particles in providing disloca-
tions contributing to loss of coherency was not signi-
ficant, at least in the alloys studied.

Similar to the above case, the extent of directional
coarsening in the single-crystal alloy SRR 99 was
more pronounced in comparison with alloy MAR M
002 as summarized in Fig. 17a and b. For all alloys
studied the spherical ¥ was also coarsened, but the
morphology remained unchanged as shown in the
example of Fig. 17c.

Figure 11 Conventional SEM-EDXS analysis of lamellar y' phase in the alloys studied (aged condition), showing a representative secondary
electron SEM image: (a) IN 100, (b) RR 2000, (c) MAR M 002 DS, (d) SRR 99.
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Figure 12 An example of WDXS analysis illustrating the en-
richment of lamellar y' phase in alloy MAR M 002 DS in both W
and Ta; the spectrum is derived from the region marked x in the
secondary electron SEM image of the inset.

Fig. 18 illustrates the effect of exposure time at
1000 °C on the composition of cuboidal ¥’ phase in the
alloys studied. Similar results were obtained for expos-
ure at 1100 °C. For all exposure conditions, there was
no significant change in the ¥’ composition. Both the
Al and Ti concentrations decreased only slightly with
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Figure 13 Analysis of cuboidal v’ phase in alloy MAR M 002 DS
(aged condition). (a) Bright-field STEM image; a [001] micro-
diffraction pattern corresponding to a particle such as that marked
x is shown in the inset where characteristic reflections of the L1,
superlattice are observed. (b) Energy-dispersive X-ray spectrum
representative of the ¥ phase (STEM analysis). (¢) Wavelength-
dispersive X-ray spectrum representative of the y' phase and illus-
trating the absence of W; the position of the W peak is indicated by
the arrow (electron microprobe analysis).
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Figure 14 Analysis of cooling y' phase in alloy MAR M 002 DS
(aged condition). (a) Dark-field TEM image formed with the encir-
cled (100) superlattice reflection in the selected-area diffraction
pattern of the inset. (b) Energy-dispersive X-ray spectrum repres-
entative of the y’ phase (STEM analysis).

exposure time. There was also a slight increase in the
Ni concentration. However, the Ta concentration (al-
loys MAR M 002 and SRR 99) remained unchanged.
Similar results were reported for other alloys [14].



Figure 15 Secondary electron SEM images illustrating the effect of 900 h of exposure at 1000 and 1100 °C on the morphology of cuboidal
v phase in alloys (a,c,e) IN 100 and (b,d,f) RR 2000: (a, b) aged; (c, d) 1000°C, (e, f) 1100°C.

Another important effect of exposure at 1000 and
1100 °C was the decrease in volume fraction of cuboi-
dal ¥’ phase as summarized in Fig. 19. As can be seen,
the decrease in volume fraction was almost identical
for alloys IN 100 and RR 2000. Also, alloys MAR M
002 and SRR 99 followed a similar behavior; however,
for all exposure conditions they maintained a larger
volume fraction in comparison with alloys IN 100 and
RR 2000. It is to be noted that the v’ solvus temper-
ature of alloys MAR M 002 and SRR 99 is about
100°C higher in comparison with alloys IN 100 and

RR 2000, thus explaining the above observation. Such
a difference in behaviour could be related to the
presence of W in alloys MAR M 002 and SRR 99,
leading to a higher ¥’ solvus temperature [15].

3.4. Thermal stability of the y phase

In contrast with the case of y' phase described above,
the composition of the matrix solid solution (y phase)
was observed to significantly change with exposure
time at 1000 and 1100 °C. For all alloys, both the Al
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Figure 16 Examples of TEM images illustrating the effect of 900 h
of exposure at 1000°C .on the structural features of cuboidal ¥’
phase in alloy RR 2000. (a) Bright-field TEM image illustrating a
dislocation network at the y'-vy interface. (b) Bright-field TEM
image illustrating fringe contrast in a y' particle due to the presence
of antiphase boundaries. (c) Corresponding dark-field image.
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Figure 17 Examples illustrating the effect of 900 h of exposure at
1000 °C on the morphology of cuboidal and spherical ¥ phases in
alloys MAR M 002 DS and SRR 99. (a) Secondary electron SEM
image illustrating the cuboidal y' phase in MAR M 002 DS.
(b) Secondary electron SEM image illustrating the cuboidal v’ phase
in SRR 99. (c) Representative dark-field TEM image of spherical
Y phase; a corresponding [00 1] microdiffraction pattern is shown
in the inset.

and Ti concentrations increased by about 20% after
900 h of exposure at 1000°C and about 30% after
1000 h of exposure at 1100 °C. Also, concentrations of
Cr and Co were decreased by about 15-20% and
25-30% after 900 h of exposure at 1000 and 1100°C,
respectively. However, within the relative accuracy of
EDXS (1-5%), the concentrations of Mo (alloys IN
100 and RR 2000) and W (alloys MAR M 002 and
SRR 99) remained essentially unchanged. Such
changes in composition could result from the dissolu-
tion of ¢ phase and its relatively constant composition.

Another effect of thermal exposure was the precip-
itation of the sigma phase. Precipitates of sigma phase
identified by electron diffraction were observed in all
alloys studied after 100 h of exposure at 1000°C. As
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Figure 18 Effect of exposure time at 1000 °C on the concentrations
of various elements in the cubiodal ¥’ phase of the alloys studied:
(a) (-—~) IN 100 and (——) RR 2000. (b) ——) MAR M 002 DS
and (——-) SRR 99. (®) Al (W) Ti, (A) Ni, (&) Ta.
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Figure 19 Effect of exposure time at (a) 1000 and (b) 1100 °C on the
volume fraction of cuboidal vy’ phase in the alloys studied: (@) IN
100, (A) RR 2000, (W) MAR M 002 DS, (¢) SRR 99.



(d)

(e)

Figure 20 Identification of sigma-phase precipitates in the alloys studied after 500 h or exposure at 1000 °C. (a) Example of a secondary
electron SEM image showing platelets of sigma phase (marked 1) in alloy SRR 99, (as-polished specimen). (b) Representative [001]
microdiffraction pattern of the sigma phase. (c) Representative [0 1 1] microdiffraction pattern of the sigma phase. (d) Representative energy-
dispersive X-ray spectrum of the (Ni + Co)-Cr-Mo sigma phase in alloy IN 100 and RR 2000. (¢) Representative energy-dispersive X-ray
spectrum of the (Ni + Co)-Cr-W sigma phase in alloys MAR M 002 and SRR 99.

illustrated in the example of Fig. 20a, the sigma phase
assumed a platelet-type morphology. Characteristic
microdiffraction patterns of the tetragonal sigma
phase in [001] and [0 1 1] orientations are shown in
Fig. 20b and c, respectively. In the case of alloys IN
100 and RR 2000, the composition of the sigma phase
was essentially of the type (Ni + Co)-Cr-Mo as
shown in the representative energy-dispersive X-ray
spectrum of Fig. 20d. It is known that the sigma phase
exists in Ni-Cr—Mo over a wide range of composition
and that Co can substitute for Ni [35]. For alloys
MAR M 002 and SRR 99, the sigma phase composi-
tion was of the type (Ni + Co)-Cr—W as shown in the
example of Fig. 20e. Also, this type of sigma phase is
known to exist over a wide range of composition in the
Ni—Cr—W system [35].

As the exposure temperature was raised from 1000
to 1100 °C, precipitates of sigma phase were observed
only in alloys MAR M 002 and SRR 99. This behavi-
our could be due to the greater thermal stability of
the Ni-Cr-W sigma phase in comparison with the
Ni—Cr—Mo sigma phase [35].

3.5. Effect of thermal exposure on
microhardness

Fig. 21 summarizes the effect of exposure time at 1000

and 1100 °C on the room-temperature microhardness
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Figure 21 Effect of exposure time at (a) 1000 °C and (b) 1100°C on
the room-temperature microhardness of the alloys studied: (@) IN
100, (A) RR 2000, (M) MAR M 002 DS, (¢) SRR 99.
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of the alloys studied. During the initial stages of
exposure at 1000 °C (Fig. 21a), the microhardness of
each alloy was observed to decrease relative to the
aged condition. With continued exposure, however,
the microhardness was increased. Based upon the
results presented earlier, the initial decrease in micro-
hardness could be explained in terms of the partial
dissolution of the y' phase. Subsequent precipitation
of the extremely hard sigma phase could explain the
observed increase in microhardness during the later
stages of exposure.

A similar behaviour to that described above was
observed for alloys MAR M 002 and SRR 99 as the
exposure temperature was raised to 1100 °C (Fig. 21b).
In contrast, no hardening effect was experienced by
alloys IN 100 and RR 2000. This behaviour could be
explained in terms of the instability of sigma phase in
these alloys at 1100 °C.

4. Conclusions

In the aged condition of selected Ni-based superalloys,
the nature of the interface separating the strengthen-
ing ¥’ phase (cuboidal morphology) from the sur-
rounding matrix was found to vary on an atomic scale
from coherent to partially coherent. Both the alloy
composition and distribution of key elements in
coarse lamellar v' and carbide phases were found to
influence the lattice mismatch. Directional growth of
the strengthening v’ phase upon exposure to higher
temperatures was accelerated by a large initial lattice
mismatch leading to a considerable loss of coherency.
Partial dissolution of the vy’ phase occurred at an
essentially constant composition, leading to a marked
change in matrix composition. Associated with this
dissolution during the early stages of exposure was a
decrease in room-temperature microhardness;
however, a hardening effect was experienced during
the later stages of the exposure due to precipitation of
sigma phase.
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