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Preface

This book Novel Structured Metallic and Inorganic Materials is based on
achievements in the joint research project “Advanced Materials Development and
Integration of Novel Structured Metallic and Inorganic Materials”, which was
carried out for 6 years (FY 2010–2015) through the cooperation of research groups
in the following six institutes in Japan; the Institute for Materials Research, Tohoku
University; the Materials and Structures Laboratory, Tokyo Institute of
Technology; the Joining and Welding Research Institute, Osaka University; the
EcoTopia Science Institute, Nagoya University; the Institute of Biomaterials and
Bioengineering, Tokyo Medical and Dental University; and the Institute for
Nanoscience and Nanotechnology, Waseda University.

Major objectives of the six-institute joint research project included creation of
advanced metallic and inorganic materials with the novel structure, as well as
development of the materials-joining technologies for development of the
cutting-edge applications as environmental and energy materials, biomedical
materials, and electronic materials for contributing to the creation of a safe and
secure society.

In this book which consists of six parts, many scientific and technological results
are organized so as to provide basics of novel structured materials in Part I and II,
integration and processing of the materials in Part III, applications of the novel
structured materials for environmental protection and energy in Part IV, biomedical
applications in Part V, and applications for electronic devices in Part VI. Every
chapter is aimed at understanding most advanced researches, by describing details
from its fundamentals as much as possible. Since both fundamentals and
cutting-edge topics are given in this book, it provides lots of useful information for
ordinary readers as well as materials scientists and engineers who wish to consider
future prospects and innovations based on Novel Structured Metallic and Inorganic
Materials, of which contents are very unique as textbook in materials science and
technology.

Furthermore, the achievements in the abovementioned joint research project
have been extended further to the joint research and educational project “Creation
of Life Innovation Materials for Interdisciplinary and International Researcher
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Development”, which has been carried out since FY 2016 via cooperation of
research groups in the following six institutes in Japan; the Institute of Materials
and Systems for Sustainability (former EcoTopia Science Institute), Nagoya
University; the Institute for Materials Research, Tohoku University; the Laboratory
for Materials and Structures (former Materials and Structures Laboratory), Tokyo
Institute of Technology; the Joining and Welding Research Institute, Osaka
University; the Institute of Biomaterials and Bioengineering, Tokyo Medical and
Dental University; and the Research Organization for Nano and Life Innovation
(former Institute for Nanoscience and Nanotechnology), Waseda University. Here,
it is gratefully acknowledged that both of the projects have been financially sup-
ported by the Ministry of Education, Culture, Sports, Science and Technology
(MEXT) of Japan.

Yuichi Setsuhara
Osaka University

Osaka, Japan

Toshio Kamiya
Tokyo Institute of Technology

Yokohama, Japan

Shin-ichi Yamaura
The Polytechnic University of Japan

Tokyo, Japan
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Chapter 1
Introduction to Amorphous Alloys
and Metallic Glasses

Shin-ichi Yamaura, Wei Zhang and Akihisa Inoue

Abstract The development of amorphous alloys and metallic glasses is briefly
overviewed, and their structure, glass-forming ability (GFA), and physical, chem-
ical, mechanical and magnetic properties are introduced. In particular, the history of
the development of amorphous alloys and metallic glasses and the difference
between amorphous alloys and metallic glasses are summarized in this chapter.

Keywords Metallic glass � Amorphous alloy � Glass transition � Rapid quench

1.1 History of the Development of Noncrystalline
Alloys—From Amorphous Alloys to Metallic Glasses

Metallic materials are fundamental elements essential for our society and the
importance of such metallic materials must remain constant from the past to the
future. All the basic metallic materials that have been in use since ancient times are
crystalline alloys in an equilibrium state with a regular atomic arrangement of the
crystal lattices. This is because metallic atoms can easily move in the molten
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alloy, leading to easy phase transformation from liquid to solid phase with rear-
rangement of atoms just below the melting temperature.

It was already known in the 1950s that alloy thin films produced by elec-
trodeposition or vapor deposition on a substrate which was cooled by liquid helium
could possess a noncrystalline phase which is called “amorphous” phase [1]. It was
subsequently reported by Duwez et al. for the first time in 1960 that the Au–Si
amorphous alloy having no crystalline phase in the nonequilibrium state could be
produced by using the gun method, which is an early-stage rapid solidification
technique from a liquid state with a cooling rate of higher than 106 K/s [2]. After
this discovery, many researchers became interested in the formation of amorphous
alloys in a nonequilibrium state and conducted basic studies of its physical prop-
erties in the 1960s [3–5]. As an outstanding result obtained in the 1960s, it was
found that the Au–Ge–Si ternary alloys showed a glass transition (to a supercooled
liquid state), indicating the existence of a glassy phase like oxide glass even in
metallic amorphous materials [3]. Also, the noble metal-based glassy alloys with a
distinct glass transition such as the Pd–Ni–P alloy [4] and Fe-based ferromagnetic
amorphous alloys such as Fe–P–C [5] alloys were found in the decade.

In the 1970s, studies on amorphous alloys were significantly proceeded. At that
time, the Pd–Si amorphous alloy in ribbon shape was produced by using the
centrifugal rapid quenching method. Previously, the gun method and the piston–
anvil method had been used to produce amorphous alloy specimens of small pieces
with many pores. So, those homogeneous amorphous alloy specimens in ribbon
shape with a width of about 1 mm and a thickness of about 20 lm produced by the
centrifugal rapid quenching method were suitable to study their physical properties
such as mechanical strength and electrical resistivity. After that, single roller melt
spinning was developed and became one of the most popular methods for pro-
ducing ribbon-shaped amorphous alloy samples. In that decade, high mechanical
strength of the Pd–Si [6] amorphous alloy, excellent soft magnetism of the Fe–P–B
[7], Fe–P–C [8], and Fe–Si–B [9] amorphous alloys, high corrosion resistance of
the Fe–Cr–Mo–P–C amorphous alloys [10], and superconductivity of the La–Au
amorphous alloys [11] were reported. Furthermore, the planar melt-spinning
method was developed to produce long, wide amorphous alloy ribbons and has
been applied to produce soft-magnetic Fe–Si–B amorphous alloy wide ribbons for
commercial distribution transformers [12].

Furthermore, amorphous alloy wires of about 100 lm in diameter were pro-
duced by using the in-rotating-water spinning method around 1980. Also, amor-
phous alloy powders of about 15–30 lm in diameter were produced by using
high-pressure gas atomizing method [13] in this period. However, all these methods
were based on rapid quenching at a cooling rate of 106 K/s, so the products were
limited to small, thin samples.

In 1988–1990, Mg–Ln–(Cu) [14], Ln–Al–(Co, Ni, Cu) [15] (Ln: rare-earth
elements), and Zr–Al–(Ni, Cu) [16] amorphous alloys having a distinct glass
transition and subsequent large supercooled liquid region for 50–130 K just below
the crystallization temperature were developed. The constituent atoms can readily
move in this supercooled liquid, leading to the inertial relaxation. However,

4 S. Yamaura et al.



crystallization is suppressed even in this relaxed state because of the stabilization of
the supercooled liquid due to close packing of the constituent atoms, preventing
long-range diffusion and rearrangement of atoms. This means that such high sta-
bility of the supercooled liquid against crystallization can result in an existence of
amorphous phase even at a slow cooling rate, with the result that bulky amorphous
alloy samples can be obtained.

Since the development of this series of bulk amorphous alloys, amorphous alloys
having a distinct glass transition and subsequent large supercooled liquid region
have been called “metallic glasses”, “glassy alloys”, or “bulk amorphous alloys”,
distinguishing them from conventional amorphous alloys. Metallic glasses have
attracted increased interest around the world in the field of materials science and
engineering. After 1993, a large number of the Zr-based, Al-based, Ti-based,
Hf-based, Fe-based, Pd-based, Cu-based, Ni-based, and Co-based glassy alloys
were developed [17, 18] and it was found that these glassy alloys showed a large
supercooled liquid region of more than 50 K and that it was possible to produce
bulk glassy alloy samples with a diameter of a few to 80 mm by using conventional
rapid quenching methods such as water quenching and copper mold casting.

In 1994, three empirical rules for stabilization of the supercooled phase and
synthesis of a bulky sample of glassy alloy were derived from the experimental data
obtained before 1994 [17]. The rules proposed by one of the authors (A.I.) are
stated as follows: (1) The alloy should contain at least three components. (2) The
atomic size differences among the main constituent elements should be more than
12%. (3) The heat of mixing among the main constituent elements should be a
negative large value. Based on these empirical rules, quite a large number of bulk
glassy alloys were developed in the two decades after 1994.

1.2 Amorphous Alloys and Metallic Glasses

Amorphous alloys and metallic glasses can be produced by rapid quenching from a
molten liquid and they possess a liquid-like random atomic arrangement. Therefore,
they show quite different characteristics from crystalline alloys. In a sense, the
atomic arrangement of the material must control its properties. Figure 1.1 shows
schematics describing the atomic arrangement of crystalline alloy and amorphous
alloy/metallic glass. As seen in the figure, an ordinary crystalline alloy has a crystal
lattice such as an fcc/bcc structure and is polycrystalline with a huge number of
grains and defects such as grain boundaries, segregation, voids, and dislocations.
From these crystal lattice structures and microstructures, crystalline alloys show
high electro-conductivity, high thermal conductivity, and large plastic deformation.
On the other hand, amorphous alloys possess a liquid-like random atomic
arrangement without crystal lattice and grains. The electro-conductivity of amor-
phous alloys is one order lower than that of crystalline alloys because of their
random atomic arrangement, preventing smooth electron movement. Moreover,
amorphous alloys show higher mechanical strength and lower ductility with much

1 Introduction to Amorphous Alloys and Metallic Glasses 5



smaller plastic deformation than those of crystalline alloys because they have no
dislocation which would play an important role for plastic deformation and also
because they have no slip planes nor slip direction. It is also known that amorphous
alloys show high corrosion resistance and good soft magnetism.

Figure 1.2 shows a schematic of melt-spinning equipment and an outer view of a
melt-spun alloy. Melt spinning is one of the major synthesizing processes to obtain
amorphous alloys. A crushed alloy ingot is put into a nozzle and then the nozzle is
set inside a high-frequency induction coil. The alloy ingot is heated by the coil in a
dilute Ar atmosphere or, in the case of a certain iron-based alloy, in air. After that,
the molten alloy is injected onto the surface of a rotating wheel. The figure also
shows an example of a melt-spun amorphous alloy. The width of the produced
amorphous alloy ribbon is dependent on the width of the slit size of the nozzle and
the width of the Cu wheel. The thickness of the ribbon sample is dependent on the
surface speed and slit gap of the Cu wheel and the injection pressure. Extremely
rapid quenching (at around 106 K/s) is essential to produce amorphous alloys. As
well as the melt spinning is shown in Fig. 1.2, and there are also a variety of

Crystalline Alloys
High elctro-conductivity
High thermal-conductivity
Good workability, ductility

etc

Amorphous/Glassy Alloys
High mechanical strength
High corrosion-resistance
Good soft-magnetic property

etc

Crystalline Alloys

Atomic arrangement of a material controls its properties. 

Lattice Structure Random Atom Arrangement
Amorphous/Glassy Alloys

defect grain 
boundary

Fig. 1.1 Schematic
illustrations of atomic
arrangement of a nominal
crystalline alloy and an
amorphous/glassy alloy with
their characteristic features

Single roller melt-spinning
Slit nozzle: 0.3 1~50mm

Atmosphere (Ar:-30kPa)

Melt-Spun Ribbon
Width: 1~100mm or larger
Thickness: about 30μm

Roll speed (3000 rpm)

Pressure 

Melt-spun thin ribbon

Cu roller

Molten
alloy

Quartz 
nozzle

Chamber

Gap between nozzle 
and Cu roller (0.25mm)

Pressure difference (60kPa)

High frequency 
induction coil  

Fig. 1.2 Schematic of melt-spinning equipment and outer view of melt-spun alloy in ribbon shape
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rapid quenching methods such as in-rotating-water spinning and gas atomizing to
produce melt-spun amorphous alloys in thin ribbon, wire, and powder shapes. The
sample size was small, so their applications were strictly limited to small ones
because they need extremely rapid quenching as mentioned above. It is known that
the most successful application of amorphous alloys is a low core-loss distribution
transformer using the melt-spun Fe–Si–B amorphous alloy ribbons and a
high-sensitive magnetic sensor using Fe–Si–B amorphous alloy fine wires produced
by the in-rotating-water melt spinning.

In the late 1980s to the early 1990s, a series of compositions of amorphous
alloys which showed a distinct glass transition and wide supercooled liquid region
just below the crystallization temperature was developed. This type of amorphous
alloys having a distinct glass transition and wide supercooled liquid region has been
called “metallic glass”. Metallic glass does not require an extremely high cooling
rate, so it is possible to synthesize considerably larger samples than conventional
amorphous alloys. Furthermore, metallic glass can show large plastic deformation
in a supercooled liquid state in which the viscosity drastically decreases while
conventional amorphous alloys do not show any plastic deformation. So, metallic
glasses can be deformed like a Newtonian fluid in a supercooled liquid state,
resulting in superplasticity with elongations up to a few tens of thousands percent.
They can be potentially used for various applications for which amorphous alloys
cannot be adopted due to their critical size limit and poor workability.

Figure 1.3 shows a schematic diagram of continuous cooling transformation
indicating the critical cooling rate necessary to form a crystalline alloy, an amor-
phous alloy, and a metallic glass. As clearly seen in the figure, it is impossible to
synthesize an amorphous phase with ordinary crystalline alloy compositions no

Crystalline Alloy

Amorphous Alloy

Glassy alloy

Crystalline
phase

V
is

co
si

ty
 (P

a·
s)

 

Time  (s) 

T
em

pe
ra

tu
re

  (
K

) 

Critical cooling rate to 
produce amorphous alloy

Critical cooling rate to 
produce glassy alloy

106 K/s ~ 0.1 K/s

Fig. 1.3 Diagrams of continuous cooling transformation (CCT) of a conventional crystalline
alloy, an amorphous alloy, and a metallic glass. Tm: Melting temperature, Tg: Glass transition
temperature
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matter how high the cooling rate is. In the case of amorphous alloy compositions, the
C-nose region in which crystalline phase is formed shifts slightly to the longer time
side, with the result that an amorphous phase can be formed at a cooling rate of order
106 K/s, avoiding crossing the cooling line with the C-nose region. According to a
large number of previous reports, compositions of amorphous alloys are empirically
obtained at around a eutectic point in a phase diagram. In the case of metallic glasses,
the C-nose region shifts to the significantly longer time side, which enables the
production of bulky amorphous alloys, even at a cooling rate much slower than the
critical cooling rate for amorphous alloy formation. For example, the critical cooling
rate for the formation of the Pd–Cu–Ni–P glassy alloy was experimentally obtained
and reported to be about 0.067 K/s. It is possible to synthesize bulky ingots of this
alloy up to about 80 mm in diameter, as shown in the figure. Its critical cooling rate,
which is significantly lower than that of amorphous alloys, is attributed to the
stabilization of the supercooled liquid phase in a glassy alloy satisfying the
abovementioned empirical rules. By satisfying those empirical rules, a dense ran-
domly packed structure in which atomic diffusion and rearrangement for crystal-
lization are restrained geometrically during the cooling process is formed, leading to
the synthesis of a bulky glass ingot having high stability of supercooled liquid.

Since the extremely high cooling rate at which amorphous alloys can be formed
is not necessary to form glassy alloys, various processes to produce bulky glassy
alloys, such as water quenching, injection molding, suction casting, squeeze cast-
ing, one-directional flow melting solidification, pour casting, tilt casting and cap
casting, etc. have been developed and the principles of some casting methods are
shown in Fig. 1.4. Among these casting methods, the most popular and widely used

Water Quench Bulky Ingot

Injection Molding Tilt-CastingGlassy Rods

Suction Casting

Fig. 1.4 Examples of production methods of metallic glass
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method is suction casting and it has been applied to the production of bulk glassy
alloys mainly up to about 5 mm. Tilt casting and cap casting invented by
Yokoyama and Inoue are thought to be a better casting method than conventional
Cu-mold injection casting for suppression of nucleation of casting defects because
the surface area of the molten alloy does not change rapidly during casting and has
been mainly applied to larger size samples with diameters above 5 mm.
Furthermore, suction casting was also applied to produce glassy alloy pipes (hollow
tubes). Needless to say, all the processes to produce amorphous alloys, such as melt
spinning, gas atomization, vapor deposition, and so on, can also be applied to
synthesize glassy alloys [19, 20].

Figure 1.5 shows examples of glassy alloy products [21–23], that is, a
water-quenched ingot (upper left), tilt-cast rods (upper right), and suction-cast pipes
(lower). As you see clearly in the figure, glassy alloy products can be obtained in
much larger size compared with those of conventional amorphous alloys.

Figure 1.6 shows the thermal behaviors of three types of material, that is,
metallic glass, amorphous alloy, and crystalline alloy, when heating at room tem-
perature. Thermal parameters Tg, Tx, and Tm correspond to glass transition, crys-
tallization, and melting temperatures, respectively. There is a large difference in the
transformation behavior among an ordinary crystalline alloy, an amorphous alloy,
and a glassy alloy. A crystalline alloy simply melts at the melting point, Tm, when
heating from room temperature. An amorphous alloy transforms into a crystalline
state at the crystallization temperature, Tx, and then into a molten state at Tm.. On
the other hand, a metallic glass first transforms into a supercooled liquid state at the
glass transition temperature, Tg, and then into a crystallization state at Tx when
heating at room temperature. The viscosity steeply decreases in the supercooled
liquid region (DTx = Tg − Tx) when heating a glassy alloy at room

Fig. 1.5 Photographs of
bulky metallic glass ingot and
rods [21–23]. Massive Ingot:
Reprinted from Ref. [21],
Copyright 2012, with
permission from Elsevier
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temperature. Such a low viscosity in the supercooled liquid region enables large
plastic deformation of a glassy alloy. Amorphous alloys also have high mechanical
strength but plastic deformation is difficult because of the absence of a supercooled
liquid region.

Figure 1.7 shows an example of (a) an XRD pattern and (b) a DSC curve obtained
from a typical glassy alloy. XRD and DSC stand for X-ray diffraction and differential
scanning calorimetry, respectively. When the alloy is characterized by XRD anal-
ysis, the presence of a broad, diffuse peak is often taken to be evidence of the
formation of an amorphous/glassy phase. Moreover, the thermal properties such as
Tg, Tx, and DTx of the amorphous/glassy alloy can be measured by obtaining the
DSC curve. It is essential to obtain the XRD pattern and the DSC curve to check
whether those nonequilibrium alloys are well prepared and possess a single
amorphous/glassy phase or not. In Fig. 1.7a, a broad, diffuse peak called
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Fig. 1.7 Examples of a XRD pattern and b DSC curve of an ordinary metallic glass
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“halo peak” without any sharp peaks can be seen, indicating that this alloy possesses
only a single amorphous/glassy phase. The position of the halo peak shifts to a lower
angle side or higher angle side depending on the averaged first neighbor atomic
distance in the random atomic arrangement. In the DSC curve of a typical glassy
alloy shown in Fig. 1.7b, the supercooled liquid region with endothermic reaction
first appears when heating from the room temperature. The onset temperature of that
endothermic reaction corresponds to the glass transition temperature, Tg. Then,
crystallization occurs with a large exothermic peak when further heating, the onset
temperature of the exothermic peak corresponds to the crystallization temperature,
Tx. It should be noted that conventional amorphous alloys do not show distinct glass
transition in the DSC curve because of the lack of stability of amorphous structure.

1.3 Characteristics of Amorphous Alloys and Metallic
Glasses

Amorphous alloys and metallic glasses possess distinct characteristics, which are
significantly different from those of traditional crystalline alloys, because of their
random atomic arrangement. It is said that the three major properties of amorphous
alloys and metallic glasses are (1) high mechanical strength, (2) high corrosion
resistance, and (3) excellent soft magnetism. Moreover, metallic glass possesses
(4) extremely large viscous deformability and imprintability in a supercooled liquid
state, and (5) precise net castability, different from conventional amorphous alloy.
Each property will be summarized briefly as follows.

1.3.1 High Mechanical Strength

Figure 1.8 shows a schematic illustration of stress–strain curves of metallic glass
and steel [24]. As shown in the figure, metallic glass shows a larger strain in an
elastic manner until it fractures and does not show yielding behavior that a crys-
talline alloy such as steel generally shows. Furthermore, metallic glass hardly shows
plastic deformation at room temperature. This is because metallic glass contains no
dislocations and no sliding planes that play an important role in plastic deformation
of crystalline alloys. Therefore, metallic glasses inherently possess very high
mechanical strength.

Figure 1.9 shows the relations between Young’s modulus, E, and fracture
strength, rf, of various crystalline alloys and metallic glasses [25]. The fracture
strength rf of metallic glass is proportional to its Young’s modulus E and is about
three times larger than that of a crystalline alloy having the same Young’s modulus
value. On the contrary, the Young’s modulus of metallic glass is about one-third
that of a crystalline alloy having almost the same strength.
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As explained here, metallic glass possesses higher mechanical strength, a higher
elastic limit, and a lower Young’s modulus than conventional crystalline alloys. In
Fig. 1.8, the hatched area under the stress–strain curve corresponding to an elas-
ticity region of the metallic glass is much larger than that of the steel. This means
that metallic glass can accumulate higher elastic strain energy than a crystalline
alloy. For example, the elastic strain energy accumulated in the Zr-based glassy
alloy having rf = 1.7 GPa was estimated to be five times higher than that in a
typical crystalline Ti-based alloy. These characteristic features (high strength and
low elastic modulus) of metallic glass are suitable for application to the face plate of
a golf club head, resulting in a drastic improvement of a driving distance. Those
golf clubs became commercially available in the late 1990s (see Fig. 1.10 [26]).
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Fig. 1.8 Schematic
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1.3.2 High Corrosion Resistance

Since amorphous alloys and metallic glasses have a random atomic arrangement,
they are unstable (nonequilibrium) with higher internal energy than crystalline
alloys. Actually, amorphous alloys and metallic glasses themselves easily dissolve
or corrode in an aggressive environment. But soon after the surface layer of those
alloys dissolves, a new passive surface film mainly consisting of corrosion-resistant
elements such as Cr, Nb, and Mo can be formed. Amorphous alloys and metallic
glasses do not contain any defects such as grain boundaries, dislocations, and
second-phase precipitates, and such a new passive surface film becomes very
homogeneous and protective. This is the reason why amorphous alloys and glassy
alloys possess good corrosion resistance (see Fig. 1.11).

Figure 1.12 indicates the corrosion rates of SUS304 stainless steel, pure Cr
metal, and Fe42Cr16Mo16C18P8 metallic glass tested in 6 N HCl solution at 298 K
after [27]. It is clearly shown that the corrosion rate of the metallic glass is sig-
nificantly less than those of the stainless steel and pure Cr, successfully proving
excellent corrosion resistance of the metallic glass.

Fig. 1.10 Outer view of the
golf clubs with face plates
made of Zr-based metallic
glass. Reprinted from Ref.
[26], Copyright 2001, with
permission from the Japan
Institute of Metals and
Materials
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1.3.3 Excellent Soft Magnetism

Amorphous alloys and metallic glasses have no magnetic anisotropy because they
are three-dimensionally isotropic without crystal orientation. Furthermore, they have
a homogeneous microstructure without any defects such as grain boundaries, voids,
and precipitates which may cause a pinning effect of magnetic domain wall move-
ment. Consequently, amorphous alloys and metallic glasses are intrinsically
expected to possess excellent soft magnetism with high permeability [25].
Soft-magnetic materials always possess high permeability and low coercivity. As
can be seen in Fig. 1.13, several amorphous alloys and metallic glasses show rela-
tively high permeability, high saturation magnetic flux density, and also low coer-
civity because of their liquid-like homogeneous microstructure. In addition, the
magnetic softness of bulk glass-type Fe-based alloys is better than that for ordinary
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Fe-based amorphous alloys because of the formation of a more homogeneous
medium-range ordered atomic arrangement which is the feature of bulk metallic
glasses.

1.3.4 Viscous Flow Formability in the Supercooled Liquid
State

Metallic glasses exhibit Newtonian viscosity in the supercooled liquid region by a
nearly constant viscosity in a wide strain rate range [28]. The metallic glasses with
the Newtonian flow property show good linear relation between the true stress (r)
and true strain rate (_e), and the relation can be expressed as _e, where k is a constant.
Figure 1.14 shows a relationship between the r and _e for La-, Zr-, Pd-, and Pt-based
bulk metallic glasses [29]. The slope (m value) of the linear relation corresponds to
the strain-rate sensitivity exponent and can be evaluated as 1.0, indicating the
achievement of an ideal superplasticity while the conventional Al–78Zn super-
plastic alloy shows m = 0.5. Figure 1.15 shows a large tensile elongation of about
20,000% which has been obtained for the La–Al–Ni-based metallic glass rod
subjected to pulling treatment in the supercooled liquid region. Recently, the
superplastic processing has been developed for making the micro- and nanodevices
on the metallic glasses by virtue of the viscous flow formability. Figure 1.16 shows
a scanning electron microscopy image of the glassy streak patterns with the
dimensions of 300 nm, periodic intervals of 150 nm, and a height of about 100 nm
fabricated by isothermal processing of an Fe55Ni15Mo5P10C10B5 metallic glass on
silicon mold in the supercooled liquid region for 120 s under an applied pressure of
100 MPa [30]. In addition, the long-scale and/or large-scale bulk metallic glass can
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be fabricated by ejected alloy liquid joining process [31] as well as by thermoplastic
consolidation of glassy powders through hot working and shape forming techniques
[32, 33].

1.3.5 Precise Net Castability

Figure 1.17 shows the volume change of a metallic glass and a crystalline alloy
during the cooling from the melt to the solid. As you can see in the figure, crys-
talline alloy reduces significantly its volume at the melting point because of phase
transformation from the liquid phase with random atomic arrangement to the solid
phase with regular atomic arrangement. On the contrary, metallic glass does not
show a significant solidification shrinkage not like shown in crystalline alloy. This
is because metallic glass solid maintains the liquid-like random atomic arrangement
even at much lower temperature than the melting point. Therefore, the size and
shape of the cast parts produced by casting are very close to those of the mold, and
this precise net castability of metallic glass can lead to production of glassy alloy
micro-parts by injection mold casting. Figure 1.18 shows excellent precise net
castability and imprintability with examples of micro-gear of glassy alloy produced
by near net shape casting and of mirror-like images of mold surface and cast sample
surface. Figure 1.18a indicates the precisely injection mold cast Ni-based glassy

Fig. 1.16 SEM image of the
Fe55Ni15Mo5P10C10B5 glassy
streak pattern formed by
imprinting on a silicon mold.
Reprinted from Ref. [30],
Copyright 2013, with
permission from Elsevier
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alloy micro-gear. You can see that it was successfully produced without volume
contraction by using a mold. Furthermore, Fig. 1.18b shows magnified images of
the mold surface prepared by electrical discharge machining and the surface of the
cast sample of around a same area with the mold surface. As clearly seen in the
figure, the surface roughness of the mold is precisely transferred to the surface
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Fig. 1.17 Schematics of the volume change during cooling from the melt to the solid of a glassy
alloy and a crystalline alloy
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of the glassy alloy sample. Metallic glass shows much smaller volume contraction
during solidification than conventional crystalline alloy and is three-dimensionally
isotropic with liquid-like random atomic arrangement, leading to the capability of
precise net casting.

1.4 Standardization of Metallic Glasses

If there are casting defects in glassy specimens, those defects can easily lead to
crack initiation, resulting in severe degradation of mechanical strength. Moreover, if
some precipitates are formed in the glassy phase, those precipitates may prevent the
formation of a protective passive surface film, resulting in degradation of corrosion
resistance. So, it is significantly important to avoid casting defects during the
production of metallic glasses from the viewpoint of quality and reliability par-
ticularly in mass production for engineering use. However, metallic glass is a
nonequilibrium solid. It may be difficult to avoid formation of micro-defects which
are nucleated by accident in the glassy phase during quenching. So, it is also
difficult to produce a large quantity of glassy alloy rods and plates whose quality
and reliability are guaranteed at the mass-production level. The mass-production
methods of glassy alloy ingots such as rods and thick plates are not established yet
while only the melt spinning for amorphous alloy thin ribbons and gas atomizing
for amorphous alloy powders have been established at present. Therefore, it is very
important to standardize the basic properties and the production methods of several
metallic glasses selected to meet the engineering demands. The IMR research group
has proposed the standardization of several metallic glasses for industrial use as
listed in Table 1.1 [22]. In the table, the chemical compositions of several typical
metallic glasses and their basic properties such as thermal parameters (Tg and Tx)
and mechanical strength (ey and ry) can be seen. Thus, development of instru-
mentation techniques such as temperature control of molten alloys, control of
injection pressure, and an optimized automatic casting operation is essential to
stabilize and guarantee the quality and reliability of the metallic glasses by sup-
pressing the nucleation of casting defects. Automated tilt casting is thought to be a
potentially better production method of bulky metallic glasses at present. It is finally
important to point out that the most important factor for mass production appli-
cation is to develop a new bulk glassy alloy with much higher glass-forming ability
as well as without expensive elements.
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1.5 Summary

In this chapter, development of amorphous alloys and metallic glasses was briefly
overviewed. The characteristic features of amorphous alloys and metallic glasses
are summarized below:

(1) Amorphous alloys and metallic glasses can be produced by rapid quenching
from a molten liquid and possess liquid-like random atomic arrangement
without crystallinity. Therefore, they show quite different characteristics which
are different from those of crystalline alloys.

(2) The three major properties of amorphous alloys and metallic glasses are
(1) high mechanical strength, (2) high corrosion resistance, and (3) excellent
soft magnetism. Amorphous alloys and metallic glasses possess many other
functional properties different from crystalline alloys such as high affinity to
micromachining, high activity as a catalyst, and so on. These outstanding
characteristics of amorphous alloys and metallic glasses originate from their
random atomic arrangement.

(3) Metallic glasses possess a distinct glass transition and subsequent large
supercooled liquid region just below the crystallization temperature while
conventional amorphous alloys do not show a glass transition. In the super-
cooled liquid region, unlike amorphous alloys, metallic glass can show
superplastic deformation. Moreover, metallic glass does not require an extre-
mely high cooling rate for its formation, and can be produced in bulk as well as
in precise net shape. These factors are expected to enable the use of metallic
glass for a variety of applications in the future.

Metallic glasses have been developed since 1990 and basic studies of these
glasses have been conducted for more than two decades. Thus, their application for
engineering purposes in practice is overdue. The authors hope readers will become
interested in these nonequilibrium materials called amorphous alloys and metallic
glasses by reading this short article.
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Chapter 2
Applications of Amorphous Alloy/
Metallic Glass for Environmental
and Energy Engineering, Electronics
Engineering, and Biomedical
Engineering Fields

Shin-ichi Yamaura, Wei Zhang, Rie Y. Umetsu, Guoqiang Xie
and Ichiro Seki

Abstract In this chapter, metallic glasses and amorphous alloys especially
developed for environmental and energy engineering, electronic engineering, and
biomedical engineering by the authors’ research group are overviewed. As for the
achievements related to the environmental and energy engineering field, the
development of the following four types of materials are presented: (1) Ni–Cr–P–B
glassy alloys for bipolar plates of PEM fuel cell, (2) Au–Cu–Si–Ag glassy alloy
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with an extremely low glass transition temperature Tg for nanoimprinting in an
energy- and cost-efficient manner, (3) Ni–Nb–Zr amorphous alloys for hydrogen
separation, and (4) porous metals prepared by dealloying glassy/amorphous alloys
for environmental catalysts. Furthermore, bonding and joining methods for metallic
glasses are also evaluated and summarized. Electronic transport properties of Ni–
Nb–Zr amorphous alloys are shown. Besides, effects of hydrogen absorption on the
electrical resistivity and their possibilities to the applications are discussed in the
viewpoint of the electronic engineering. As for the biomedical engineering field,
recent progress in the developments of these biomedical BMGs, which include
bioinert materials such as Ti-based BMGs, Zr-based BMGs, Fe-based BMGs and
biodegradable materials such as Mg-based BMGs, Ca-based BMGs, Zn-based
BMGs, and Sr-based BMGs, is described. Moreover, several metallic glasses with
low magnetic susceptibility, which are promised materials for development of
high-performance MRI, are described in detail.

Keywords Metallic glass � Glassy alloy � Amorphous alloy � Fuel cell � Bipolar
plate � Hydrogen permeable membrane � Catalyst � Porous metal � Bonding �
Joining � Nanoimprint � Temperature coefficient of resistivity � Biomedical
applications � Bioinert materials � Biodegradable materials � Mechanical proper-
ties � Corrosion resistance

2.1 Development of Metallic Glasses for Environmental
and Energy Engineering

Shin-ichi Yamaura and Wei Zhang

2.1.1 Introduction

Amorphous alloys and metallic glasses (glassy alloys) possess distinct character-
istics different from those of conventional crystalline alloys. It is said that the three
major properties of amorphous alloys and metallic glasses are (1) high mechanical
strength, (2) high resistance to corrosion, and (3) excellent soft magnetism. When
applied in the environment and energy engineering field, their functional properties
such as soft magnetism, corrosion resistance, and micromachining capability rather
than mechanical strength can be focused on. Some applications of metallic glasses
in the field of environmental and energy engineering studied in the MEXT program
will be overviewed in this section, in particular, glassy alloy bipolar plates for
proton exchange membrane fuel cells (high corrosion resistance), amorphous alloy
membranes for hydrogen separation (high hydrogen diffusivity and high hydrogen
absorption), porous catalysts (characteristic microstructure), low Tg metallic glass
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for design material (characteristic thermal stability), and metallic glass bonding as a
peripheral technology for practical applications of metallic glass.

2.1.2 Metallic Glass for Bipolar Plates of a Proton
Exchange Membrane Fuel Cell

Nowadays, fuel cells are attracting increasing interest as promising power gener-
ation systems from the viewpoint of solving energy and environmental problems.
Since fuel cells can convert chemical energy of fuels directly to electricity, the
efficiency of generating electricity by fuel cells is relatively higher than that by
conventional thermal power generation. Theoretically, fuel cells do not emit carbon
dioxide (CO2), nitrogen oxide (NOx) nor sulfur oxide (SOx) gases, so their usage
can contribute to the suppression of global warming. Fuel cells are considered to be
the most suitable power generator in the twenty-first century [1]. The present author
has attempted to develop a glassy alloy bipolar plate for the past decade. Recent
research will be shown in this subsection.

The proton exchange membrane (PEM) fuel cell has been receiving considerable
attention as a clean energy source that may be used in the near future, for example,
for electric vehicles, home appliances, and so on because of its advantageous
characteristics such as high power density and capability of low-temperature
operation. The PEM fuel cell is based on the reverse reaction of water electrolysis.
Theoretically, the generated voltage is 1.23 V at standard reference conditions and
1.17 V during operation at 353 K.

Figure 2.1 shows the main components of a single PEM fuel cell [2]. A single
fuel cell is comprised of a proton exchange membrane, electrodes (catalyst
layer + porous support), and bipolar plates. Bipolar plates are also called “sepa-
rators” or “interconnectors” depending on the functions being focused on.
Generally, a fuel cell stack in which single cells are connected in series is con-
structed because the voltage of a single cell is only about 1 V. Bipolar plates are
one of the most critical components of PEM fuel cells, accounting for more than
70% of their weight and more than 40% of their cost [3]. Bipolar plates are mul-
tifunctional: They collect and conduct electricity from cell to cell, they mechani-
cally support the stacks, they separate the fuel gas from the oxidant gas, and their
flow field supplies gases to the electrodes. Bipolar plates are conventionally made
from carbon graphite and from metallic materials such as stainless steel and clad
material. Although carbon graphite is very stable in the corrosive environment in
fuel cells, it is difficult to produce thin bipolar plates because of its brittleness.
Thinner bipolar plates will lead to lighter and more compact fuel cell stacks,
reducing costs and space. Many research groups have thus attempted to develop
metallic materials for bipolar plates. However, the corrosive environment inside a
fuel cell is detrimental to metallic materials, and dissolved metal ions damage the
proton exchange membrane, resulting in a severe decrease in fuel cell performance.
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Metallic glass is also a potential material for fuel cells because of its unique
properties in contrast to those of crystalline alloys. The advantages of applying
metallic glass for bipolar plates are as follows: (1) metallic glass deforms relatively
easily under a supercooled liquid state, resulting in the capability of readily pro-
ducing grooved bipolar plates, (2) metallic glass possesses extremely high corrosion
resistance, suppressing an increase in contact resistance and a dissolution of metal
ions which cause degradation of fuel cell performance, and (3) metallic glass
possesses high mechanical strength, making it possible to produce relatively thinner
bipolar plates leading to more compact fuel cells.

Experimental results for the development of glassy alloy bipolar plates are
shown below.

Figure 2.2 shows some prototypes of glassy alloy bipolar plates, directly pro-
duced from glassy alloy sheets by hot pressing under a supercooled liquid state [4].
In this case, melt-spun Ni60Nb15Ti15Zr10 glassy alloy sheets were hot pressed by
using grooved dies. In the early stage of the series of our work, melt-spun glassy
sheets were used to produce bipolar plates, the alloy sheets being heated up to a
temperature between the glass transition temperature Tg and the crystallization
temperature Tx. As it was necessary to prepare larger melt-spun sheets than the
bipolar plates themselves, it was difficult to put them into practical use. Then, the
present authors group conceived the idea of glassy alloy-coated bipolar plates.

Originally, Naka et al. [5] and Yoshioka et al. [6] reported that Ni–Cr–P–B qua-
ternary amorphous/glassy alloys showed good corrosion resistance. Subsequently,
we found that those alloys can be produced by melt spinning in air showing a wide
supercooled liquid region DTx and no difference of thermal properties between the
alloys produced in air and those in an Ar atmosphere. Besides, the Tg and Tx

Grooved bipolar plate

Grooved bipolar plate
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Fuel
Porous support

Fuel-side catalyst 
layer

Air-side
catalyst layer

Porous support

Proton exchange
membrane

Electrode

Electrode

Thickness < 10 mm

Fig. 2.1 Components of proton exchange membrane fuel cell. Reprinted from Ref. [2],
Copyright 2005, with permission from the Chemical Society of Japan
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temperatures are much lower than those of the Ni–Nb–Ti–Zr glassy alloys, so the Ni–
Cr–P–B quaternary alloys were adopted to produce glassy alloy-coated bipolar plates
as a next step.

Figure 2.3 shows several XRD patterns obtained from the melt-spun Ni80
−xCrxP16B4 (x = 3–30 at.%) alloys prepared in this study [7]. No sharp distinct
peaks but rather a broad halo peak is observed in the range of 25–100°. This
indicates that all the alloys possess a single amorphous/glassy phase.

Thermal parameters, Tg, Tx, and DTx of those alloys were then investigated and
were summarized in Fig. 2.4 [7]. The alloys with Cr content of 3 and 6 at.% did not
show a glass transition in the DSC measurements, so they were recognized as
amorphous alloys rather than metallic glasses and were not included in Fig. 2.4. As

Fig. 2.2 Examples of hot-pressed Ni60Nb15Ti15Zr10 glassy alloy bipolar plates. Reprinted from
Ref. [4], Copyright 2005, with permission from the Japan Institute of Metals and Materials
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Fig. 2.3 XRD patterns of
Ni80−xCrxP16B4 (x = 3–27 at.
%) alloys. Reprinted from
Ref. [7], Copyright 2007, with
permission from the Japan
Institute of Metals and
Materials
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clearly seen in this figure, DTx increases with increasing Cr content and finally
shows a saturation at above 15 at.%Cr. In this case, it is preferable to obtain an alloy
with wider DTx, and also with lower Tg and Tx. Therefore, we selected the
Ni65Cr15P16B4 alloy as the optimum alloy composition. The Tg, Tx, and DTx values
of the Ni65Cr15P16B4 glassy alloy are 659 K, 702 K, and 43 K, respectively.

Table 2.1 summarizes the results of corrosion tests conducted by immersing the
alloy samples in 1 mass% sulfuric acid solution [7]. It was found that the corrosion
rate of the Ni65Cr15P16B4 glassy alloy was much lower than that of the
corrosion-resistant stainless steel SUS316L, clarifying that this glassy alloy showed
excellent corrosion resistance.

The high-velocity oxy-fuel (HVOF) spray coating method was employed to
produce a newly designed bipolar plate with glassy alloy surface film [8, 9].
Figure 2.5 shows a schematic of the HVOF spray coating method: (a) feedstock
powder of the glassy alloy prepared by gas atomizing, (b) overview, and
(c) cross-sectional view of the Ni65Cr15P16B4 glassy alloy-coated bipolar plate. It is
very important that glassy feedstock power be prepared. In this work, the aluminum
bipolar plates were prepared beforehand and then the glassy alloy was deposited on
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Table 2.1 Corrosion rates of the Ni65Cr15P16B4 glassy alloys and the stainless steel SUS316L.
Reprinted from Ref. [7], Copyright 2007, with permission from the Japan Institute of Metals and
Materials.

Alloy composition (at.%) Corrosion rate (mm/year)

Ni65Cr15P16B4 6.94 � 10−3

Ni56Cr24P16B4 9.52 � 10−4

SUS316L 1.48 � 10−2
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the surface of the aluminum bipolar plates by using HVOF spray coating. The
thickness of the glassy surface film was about 200 lm as seen in Fig. 2.5c.

Figure 2.6 shows outer views of three different bipolar plates with the same
groove design prepared in this work. A pair of bipolar plates of each material was
prepared and used for assembling a single fuel cell.

Kerosene 

Cooling Water IN
Feedstock Powder 

Cooling Water OUT

Oxygen 

Spark Plug

Ni65Cr15P16B4

 Al substrate 
22.5mm

surface film

(a) (b) (c) 

100 μm 100 μm 

Fig. 2.5 A schematic illustration of the high-velocity oxy-fuel (HVOF) spray coating system.
a Feedstock powder of Ni65Cr15P16B4 glassy alloy prepared by gas atomizing, b overview and
c cross-sectional view of the Ni65Cr15P16B4 glassy alloy-coated bipolar plate

Carbon Aluminum

Ni60Cr15P16B4 Metallic Glass

A single fuel cell

Fig. 2.6 Overviews of three different bipolar plates prepared with the same gas flow grooves
prepared in this study and a single fuel cell with those plates
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Figure 2.7 shows the results of power generation tests conducted with a single
fuel cell with different bipolar plates [8]. Figure 2.7a indicates the I–V behaviors of
each single cell. The fuel cell with aluminum bipolar plates showed the greatest
decrease in voltage with increasing current density among those three different
bipolar plates. This may be because the aluminum bipolar plates show poorer
corrosion resistance than others. The fuel cells with glassy alloy-coated bipolar
plates and with graphite bipolar plates showed a current density greater than
1000 mA/cm2 at 0.3 V. It was found that the single cell with the glassy alloy-coated
bipolar plates showed very high I–V performance as well as the cell with the
graphite bipolar plates. Figure 2.7b shows the results of 24-h power generation tests
conducted for the fuel cells with three different bipolar plate materials. The current
density was 200 mA/cm2. The cell voltage of the fuel cell with the aluminum
bipolar plates is lower than those with other bipolar plates and gradually decreased
with time. On the contrary, the single cell with the glassy alloy-coated bipolar plates
showed no voltage drop during the test for 24 h as was the case with graphite
bipolar plates. So, the Ni65Cr15P16B4 glassy alloy-coated bipolar plate produced by
the HVOF spray coating was found to have a potential for practical use for fuel
cells. It was successfully demonstrated in this work that glassy alloys having
inherently high corrosion resistance can be applied for bipolar plate material. The
effect of hydrophilic surface treatment of the glassy alloy-coated bipolar plates on
power generation performance was also studied [10] and a new proton exchange
membrane which can be substituted for the Nafion film was also studied in our
research program [11].

Fig. 2.7 Power generation tests of a single fuel cell with three different bipolar plates. a I–V
measurements and b long time power generation tests for about 24 h. Reprinted from Ref. [8],
Copyright 2010, with permission from the Japan Institute of Metals and Materials
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2.1.3 Au–Cu–Ag–Si Metallic Glass for Micro-/Nanodevices

Nanoimprinting is receiving a lot of attention as a mass-production method for
micro-/nanodevices. Metallic glasses are suitable for making micro- and nanode-
vices because they are homogeneous on the nanometer scale without any defects
such as grain boundaries, voids, and precipitates. For applying glassy alloys for
nanoimprinting, there are strong demands for glassy alloys characterized by low
glass transition temperature Tg, wide supercooled liquid region DTx, high oxidation
resistance, good mechanical properties, and high corrosion resistance. Zhang et al. in
our group has reported that the Au60Cu15.5Ag7.5Si17 quaternary glassy alloys pos-
sessed an ultralow Tg of 359 K, a wide DTx of 44 K and a relatively large critical

Table 2.2 Thermal parameters (Tg, Tx, DTx, Tl), critical diameters (dc), and mechanical
properties (Hv, rcf, E) of newly developed Au-based BGAs (after [12])

Composition (at.%) Tg (K) Tx (K) DTx (K) Tl (K) dc (mm) Hv rcf (MPa) E (GPa)

Au50Cu33Si17 383 405 22 679 1< 361 – –

Au50Cu25.5Ag7.5Si17 377 419 42 652 5 353 935 65.4

Au60Cu15.5Ag7.5Si17 359 403 44 670 5 316 832 55.1

Au65Cu10.5Ag7.5Si17 342 392 50 678 4 294 726 48.4

Au70Cu5.5Ag7.5Si17 339 375 36 680 3 264 643 46.6

(a) (b) 

(c) 

1µm 

1mm 

Fig. 2.8 a Au60Cu15.5Si17Ag7.5 glassy rods formed into a U shape by using two pairs of tweezers
in near-boiling water (97 °C). b Pattern shaped by a pair of pliers on the surface of a glassy plate
(u5 � 1.5 mm2) in near-boiling water. c SEM image of Au60Cu15.5Si17Ag7.5 glassy pillars formed
by embossing on porous alumina. Glassy pillars with diameters of about 200 nm are formed when
the alloy is heated through its supercooled liquid region (92 °C) for 180 s under an applied
pressure of 100 MPa. Reprinted from Ref. [12], Copyright 2009, with permission from Elsevier
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diameter of 5 mm, showing a good superplastic formability at a low temperature
below 373 K [12–14].

Table 2.2 lists the thermal parameters (Tg, Tx, DTx, and melting point, Tl),
critical diameter (dc), and mechanical properties (Vickers hardness, Hv, compres-
sive fracture strength, rcf and Young’s modulus, E) of the Au-based glassy alloys
(after [12]). The glass transition temperatures of these alloys are about 340–380 K.
Moreover, those alloys contain Au of more than 50 at.%, so their corrosion resis-
tance is found to be better than that of stainless steel SUS316L.

Figure 2.8a shows Au60Cu15.5Ag7.5Si17 glassy rods formed into U shapes by two
pairs of tweezers in near-boiling water (370 K) [12]. Figure 2.8b shows a small disk
pressed from a glassy plate using a pair of pliers. The pattern on the surface is created
by the teeth of the pliers. Figure 2.8c shows glassy nanopillars with diameters of
about 200 nm fabricated by isothermal processing on porous alumina at 365 K for
180 s under an applied pressure of 100 MPa. The results shown in Fig. 2.8 indicate
that the shaping, imprinting, embossing, and other fabrication processes can be
conveniently applied to glassy alloys. This type of glassy alloys with ultralow Tg are
good candidate materials for scientific and various other applications, including
micro-/nanomachinery with energy-saving processing, high-density data recording
media, and design material for jewelry and ornamentation.

2.1.4 Amorphous Alloys for Hydrogen Permeable
Membrane

Amorphous alloys and glassy alloys having inherently lower density than the
crystalline counterparts have received much attention as material for hydrogen
permeable membrane because they possess a greater amount of free interior vol-
ume, leading to higher hydrogen diffusivity. In our work, hydrogen permeability of
Ni–Nb–Zr amorphous alloys was studied and Pd-coated Ni–Nb–Zr amorphous
alloys were found to show excellent hydrogen permeability as high as the con-
ventional Pd–Ag alloy [15, 16]. Furthermore, pure hydrogen was successfully
extracted from the reformed gas of methanol steam by using an amorphous alloy
membrane [17]. Recently, improvement of thermal stability and suppression of
hydrogen embrittlement of amorphous alloys have been major challenges to
overcome in this research field. The details will be discussed in Chap. 20.

2.1.5 Porous Metal Catalysts Produced from Amorphous
Alloys and Metallic Glasses

One of the potential applications of amorphous alloys and glassy alloys is thought
to be their use as catalysts. Studies on catalytic properties of amorphous alloys have
been conducted for decades from the early stage of amorphous alloy research. For
example, Komiyama et al. reported that an amorphous alloy could improve the
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activity of hydrogenation of CO [18]. In particular, Zr-, Ni-, and Pt-based amor-
phous alloys are good candidates for use as high-performance catalyst material.

So far, we have produced nanoporous metals by a dealloying method in which a
certain element is selectively dissolved from amorphous alloys or crystalline solids.
Nanoporous Pd- and Cu-based alloys have been prepared and their catalytic prop-
erties have been studied [19–21]. Furthermore, the catalytic activity of nanoparticles
prepared from glassy/amorphous alloys has also been studied and reported [22–24].
The details will be discussed in Chaps. 5 and 19.

2.1.6 Bonding and Joining of Metallic Glasses

Metallic glasses have unlimited potential as functional materials, but in most cases
only small pieces a few centimeters in diameter or in length can be produced
because of the necessity of rapid quenching for producing metallic glasses.
Therefore, it is important to develop bonding and joining techniques of metallic
glasses to enable us to produce their larger applications in bulk. The bonding and
joining of metallic glasses studied in our group (in the MEXT program) will thus be
included in this article.

Generally speaking, welding of metallic glasses requires careful optimization of
welding conditions, needless to say, the cooling rate after welding/remelting should
be higher than the critical cooling rate to produce an amorphous phase. Nowadays,
it is not difficult to obtain a high cooling rate of several hundred K/s by using
modern heat sources for welding. There are three zones in a specimen subjected to
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Tm (melting temperature)

Tx (crystallization temperature)
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Fig. 2.9 Cross-sectional view of the glassy alloy, showing the temperature gradient from the
melting zone heated by welding power source
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welding: a melting zone, a heat-affected zone, and an unaffected zone, as shown in
Fig. 2.9. The boundary between the melting zone and the heat-affected zone
(HAZ) is the melting point, Tm, from which the maximum temperature decreases
continuously to room temperature. In general, recrystallization and grain growth are
observed macroscopically and the dissolution or growth of precipitates and atomic
segregation are observed microscopically in conventional crystalline metals. In
most cases of crystalline metals, the region heated higher than the recrystallization
temperature (and below the melting point at the same time) always corresponds to
the HAZ. In the case of glassy alloys, formation of the HAZ is related to the melting
temperature Tm, the crystallization temperature Tx, and the glass transition tem-
perature Tg.

In glassy alloys, the HAZ easily crystallizes after welding because of the slow
cooling rate. Therefore, the cooling rate around the melting zone and the HAZ
should be higher than the critical cooling rate of glassy alloys to maintain an
amorphous state. Moreover, it is necessary to consider the degradation of mechanical
properties of a glassy alloy in the HAZ caused not only by crystallization but also by
structural relaxation even in the amorphous state. Therefore, it is necessary to reduce
the thermal damage to a glassy alloy (in particular to HAZ) by decreasing the input
thermal energy in the rapid heating process and by increasing the cooling rate in the
subsequent rapid cooling process when welding glassy alloys.

So far, welding methods characterized by relatively low thermal energy input,
such as electron beam welding, laser welding, spot welding, and solid bonding such
as friction stir welding have been experimentally applied to glassy alloys. In the last
part of this article, several studies on the welding process of glassy alloys are
reviewed.

Glassy alloys can be easily changed from an amorphous state to a crystalline
state. So, it is necessary to use a high-power heat source with narrow spot diameter
and ultrahigh welding speed in order to join glassy alloys with each other [25–28].
Figure 2.10 shows the result of butt welding of Zr55Al10Ni5Cu30 glassy alloy sheets
by using a 130 µm-focused fiber laser at an ultrahigh welding speed of 72 m/min

Fully glassy state

Laser treatment

Metallic 
Glass

Metallic 
Glass

Butt welding between metallic glass sheets

Local rapid heating by Laser 

Spot diameter : 130 μm 
Power : 2.5 kW
Welding speed : 72 m/min

Zr55Al10Ni5Cu30 metallic glass

Fig. 2.10 Fiber-laser butt welding of Zr55Al10Ni5Cu30 glassy alloy. Cross section and XRD
results of weld bead produced at a welding speed of 72 m/min. Reprinted from Ref. [25],
Copyright 2008, with permission from Elsevier
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Fig. 2.11 Aluminum/glassy alloy lap joints fabricated by magnetic pulse welding. Reprinted
from Ref. [27], Copyright 2009, with permission from the Japan Institute of Metals and Materials

Fig. 2.12 A schematic illustration of direct joining process of Zr55Al10Ni5Cu30 glassy alloy and
engineering plastic PET with a diode laser beam of linear mode, showing that small bubbles are
generated which induce high pressure, resulting in the flow of melted plastic along the alloy-plastic
boundary (a) and laser direct joint between Zr55Al10Ni5Cu30 glassy alloy and engineering plastic
PET before the tensile shear test (b). Reprinted from Ref. [28], Copyright 2010, with permission
from the Japan Institute of Metals and Materials
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and a laser power of 2.5 kW [25]. The thickness of the glassy alloy sheets is 1 mm.
It was found that there were no crystalline peaks in the XRD pattern obtained from
each cross-sectional area shown in the figure. High-power fiber laser welding at
ultrahigh welding speed was found to be applicable to glassy alloys in order to
maintain the amorphous state and to avoid crystallization after welding.

Figure 2.11 shows the result of aluminum/glassy alloy lap joints successfully
fabricated by magnetic pulse welding [27]. Figure 2.12 shows the result of a laser
direct joint between glassy alloy and engineering plastic PET [28]. Recently, var-
ious welding and joining techniques can be applied to glassy alloys under appro-
priate conditions.

2.1.7 Summary of the Studies for Environmental
and Energy Engineering

In this section, metallic glasses and amorphous alloys especially developed for the
environmental and energy applications by the author’s research group were over-
viewed. In particular, the development of four types of materials, namely, (1) Ni–
Cr–P–B glassy alloys for bipolar plates of PEM fuel cell, (2) Au–Cu–Si–Ag glassy
alloys with an extremely low glass transition temperature Tg for nanoimprinting in
an energy- and cost-efficient manner, (3) Ni–Nb–Zr amorphous alloys for hydrogen
separation, and (4) porous metals prepared by dealloying the glassy/amorphous
alloys for environmental catalysts was discussed and other current achievements
were shown. Furthermore, bonding and joining methods for metallic glasses were
also presented and summarized here.

(1) We succeeded in showing excellent power generation performance of a single
cell with Ni65Cr15P16B4 glassy alloy-coated bipolar plates as well as that with
carbon graphite bipolar plates. A single cell with glass-coated bipolar plates
showed no voltage drop during a long power generation test for 24 h as was
also the case with carbon graphite bipolar plates. It was thus found in this
work that a Ni65Cr15P16B4 glassy alloy-coated bipolar plate produced by the
HVOF spray coating has a potential for practical use for the fuel cells in the
future.

(2) Au60Cu15.5Si17Ag7.5 glassy alloy with an extremely low glass transition
temperature Tg was developed for nanoimprinting, micro-/nanodevices and
design material for ornaments and jewelry. Glassy alloy nanopillars were
successfully produced by embossing on porous alumina in a supercooled
liquid state, showing their potential as a nanoimprint material. The Tg value of
Au60Cu15.5Si17Ag7.5 glassy alloy is 359 K, so it can be easily deformed in
boiling water, leading to a decrease in manufacturing cost and energy use.

(3) Ni–Nb–Zr amorphous alloy and its derivative alloys were developed for
hydrogen separation. The hydrogen permeability coefficients of those
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amorphous alloys were as high as those of conventional Pd metal and Pd–Ag
alloys.

(4) Several porous metals have been produced by dealloying Au-based, Pd-based,
and Cu-based glassy alloys in this decade. They are to be used as environment
catalysts.

Furthermore, bonding and joining methods of glassy alloy were herein reviewed.
Glassy alloys were successfully bonded to each other or to other materials such as
engineering plastics under optimum conditions of fiber laser welding, magnetic
pulse welding, laser-assisted metal and plastic joining, and so on.

2.2 Development of Metallic Glasses for Electronic
Engineering

Rie Y. Umetsu

Electron transport properties of metallic glasses are described in this section. Here,
no strict distinction is made between metallic glasses and amorphous alloys from
the standpoint that both are nonperiodic systems. In addition, materials mentioned
here are restricted to paramagnetic or diamagnetic ones. In materials with strong or
weak ferromagnetism, the electron transport properties are governed by
well-localized d-electrons around the Fermi energy. Therefore, theoretical treat-
ments should differ from those of nonmagnetic systems. Even in nonmagnetic
systems, theory is strictly different depending on the kinds of the main carrier at the
Fermi energy, such as d-electrons or s- and p-electrons. Behavior of the electrical
resistivity of metallic glasses and/or amorphous alloys is often discussed in com-
parison with that of crystalline alloys. There are three characteristic features of the
electrical resistivity of amorphous alloys as follows [29]:

1. The residual resistivity of amorphous alloys is 5–100 times higher than that of
the crystalline phase.

2. The change of resistivity with temperature is very small, only a few percentage
points in the temperature range below room temperature.

3. The sign of the temperature coefficient of resistivity (TCR) in amorphous alloys
is positive or negative and the value is sometimes very close to zero.

Concerning the above features, there is a well-known empirical rule proposed by
Mooij although it does not apply to only amorphous alloys [30]. He found a
relationship between residual resistivity, q0, and TCR, that is, alloys with a high
value of residual resistivity (q0 > 150 lX cm) tend to exhibit a negative TCR,
whereas those with a low value (q0 < 150 lX cm) show a positive TCR [30].
Mizutani classified five kinds of behaviors of temperature dependences of the
electrical resistivity for various alloy systems [31, 32]. He also mentioned that the
sign of TCR changes from positive to negative with increasing value of electrical
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resistivity in the temperature range of 2–300 K and that the change of resistivity is
accompanied by shortening of the mean free path down to an average atomic
distance. The gradual change of the TCR can be explained by the Baym–Meisel–
Cote theory based on the Boltzmann transport equation [33–35].

Historically, electron transport properties of liquid metals were discussed by
Mott and Jones in their book in 1936 [36]. Next, in 1961, Ziman successfully
explained the behavior of the electrical resistivity of pure liquid metals, such as Zn
and Na [37]. The Ziman formula is constructed on the basis of three assumptions:
(1) The electron transport properties can be described in terms of the Boltzmann
transport equations. (2) Each ion acts upon the conduction electrons through a
localized pseudopotential. (3) The conduction electrons are nearly free and elastic
scattering is assumed. Faber and Ziman extended the Ziman formula for binary
alloy systems [38], and Evans et al. replaced the pseudopotential in the Ziman
formula by the muffin-tin potential so as to enable treatment of liquid transition
metals having strong hybridization with the d-electrons [39]. In order to discuss the
electrical resistivity in a temperature range well below the Debye temperature, an
inelastic electron–phonon interaction was introduced by Baym to treat the thermal
vibrations of ions [33]. Furthermore, temperature dependence of the dynamic
structural factor in the Baym resistivity formula was considered by Meisel and Cote
[34, 35].

In the model, temperature dependence of the electrical resistivity of amorphous
alloys with weak paramagnetism or diamagnetism is denoted as follows [33–35]:

q ¼ q0 exp½�2WðTÞ� þ qipð1�
2p
KqD

Þ; ð2:2:1Þ

where q0 is the residual resistivity, exp[−2W(T)] is the Debye–Waller factor and
their product is the elastic component. The second term in Eq. (2.2.1) arises from
the inelastic electron–phonon interaction, and qip is ideal one-phonon resistivity
when K ! ∞. K is the mean free path and qD is the Debye wave vector. For
amorphous alloys with a nonperiodic structure, K is small, and consequently the
second term becomes negligible. Therefore, the electrical resistivity is governed by
the temperature dependence of the Debye–Waller factor, not by electron–phonon
scattering. If K = 2p/qD, electron–phonon scattering is completely absent and the
resistivity in such case is approximately 200 lX cm for monovalent free-electron
metals [35]. The characteristic features of the electron transport properties of
amorphous alloys, such as the comparatively high electrical resistivity and the
negative behavior of TCR are explained by the model. In the Debye–Waller factor,
W is indicated as follows in the Debye approximation [40]:

W ¼ 3�h2k2T2

2MkBH3

ZH=T

0

ð 1
eZ � 1

þ 1
2
Þzdz ð2:2:2Þ
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where ħ, kB, M, and H are the Plank’s constant, the Boltzmann constant, electron
mass, and the Debye temperature, respectively. As a result, the electrical resistivity
shows T2-dependence in a low temperature range and T-linear dependence in the
temperature range above the Debye temperature.

As an example, we introduce the temperature dependence of the electrical resis-
tivity of Ni–Nb–Zr amorphous alloy ribbons and its absorbed hydrogen. It has been
known that the Ni–Nb–Zr ternary alloy forms a metallic glass or amorphous phase in
a wide concentration range [41]. Figure 2.13a indicates X-ray diffraction patterns of
Ni36Nb24Zr40 melt-spun amorphous ribbon and hydrogen-absorbed specimens [42].
The specimens were fabricated by the conventional melt-spinning technique using a
single roller. The hydrogen was absorbed by electrochemical charging [42, 43]. The
amount of absorbed hydrogen can be controlled by the current density during elec-
trochemical charging and it was confirmed by the inert gas carrier melting-thermal
conductivity method. In Fig. 2.13a, typical halo-patterns are observed, indicating
evidence of the amorphous state. The main peaks observed around 40° slightly shift
to a lower degree with increasing hydrogen absorption. This behavior indicates the
occurrence of volume expansion by interstitially absorbed hydrogen.

Figure 2.13b shows the temperature dependence of the normalized electrical
resistivity, q/q300 K, for y = 0, 2.0, 3.3, 9.2, and 14.7 for (Ni0.36Nb0.24Zr0.40)100−yHy

amorphous alloy ribbons. All of the resistivity exhibits negative temperature
dependence as discussed above. The inset shows the ratio of the resistivity change,
q6 K/q300 K, as a function of the concentration of the absorbed hydrogen [42]. As
shown in the figure, TCR increases negatively with increasing absorbed hydrogen,

Fig. 2.13 a X-ray diffraction patterns of Ni36Nb24Zr40 melt-spun amorphous ribbon and
hydrogen-absorbed specimens [42]. b Temperature dependence of the normalized electrical
resistivity, q/q300 K, for Ni36Nb24Zr40 melt-spun amorphous ribbon and hydrogen-absorbed
specimens for y = 0.0, 2.0, 3.3, 9.2, and 14.7 for (Ni0.36Nb0.24Zr0.40)100−yHy. The inset is the ratio
of the resistivity, q6 K/q300 K, as a function of the concentration of the absorbed hydrogen.
Reprinted from Ref. [42], Copyright 2013, with permission from the Japan Institute of Metals and
Materials
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y. The straight line is a guide for the eyes. Although it is seen that there is a linear
relationship between q6 K/q300 K and the amount of absorbed hydrogen, it is
somewhat difficult to clarify the origin. With regards to the origins, there are several
possibilities, e.g., the change of the mean free path associated with the volume
expansion, change of the Debye temperature and electronic state. In addition,
impurity scattering related to the absorbed hydrogen would also have an effect. In
the case of the present Ni–Nb–Zr alloy system, the electronic state would have a
character due to the d-electrons because the alloy is constructed by the transition
metal elements. However, the magnetic properties are seen not to be governed by
the localized d-electrons. Magnetic susceptibility is in the order of 10−4–10−5 emu/
mol, and magnetization shows a negligible temperature dependence. It may be said
that the main carrier at the Fermi energy is (sp + d)-electrons and the alloy system
is rather close to a group of weak paramagnetism [29].

Figure 2.14 shows time dependence of the ratio of the electrical resistivity
change of Ni36Nb24Zr4 amorphous alloy ribbon just after electrochemical charging
[42]. Kawashima et al. pointed out that the absorbed hydrogen in Ni–Nb–Zr
amorphous alloy ribbons was distributed in the specimen with time as indicated by
the fact that the morphology of the specimen gradually changed [44]. As shown in
the figure, two stages of the increase of electrical resistivity are observed. Similar
increasing behavior is observed in single crystalline Nb, which also absorbs
hydrogen by the same method [45]. From systematic investigations, Koike et al.
have suggested that the absorbed hydrogen in the Nb exhibits two stages of dif-
fusion caused by different mechanisms. They expressed the increase of the electrical
resistivity with time as follows [45, 46]:

DqðtÞ ¼ Dq1ðtÞþDq2ðtÞþDqOXðtÞ; ð2:2:3Þ

where

Fig. 2.14 Time dependence
of the ratio of the electrical
resistivity change, Dq/qt=0, at
room temperature just after
electrochemical charging.
Reprinted from Ref. [42],
Copyright 2013, with
permission from the Japan
Institute of Metals and
Materials
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Dq1ðtÞ � Dq1ð1� expð�t=s1ÞÞ
Dq2ðtÞ � Dq2½1� 0:811ðexpð�t=s2Þþ 1

9
expð�9t=s2ÞÞ�;

DqOXðtÞ ¼ At

ð2:2:4Þ

Here, Dq1 is the first stage change, which is due to the formation of some
internal sources such as dislocations, and Dq2 is the second stage, which is due to
the vacancy migration from the surface [45, 47]. The third term in Eq. (2.2.3) is
explained to be the correct one expressed as a linear increase with the time in the
reference. Because the change of the resistivity seems to be almost saturated over
800 ks, the present experimental data were fitted by the sum of only the first and
second terms. From the fitting, relaxation time s1 and s2 were obtained to be about
61 ks and 210 ks, respectively. Since the curvature of the present data is similar to
that of Nb–H, it is suggested that the absorbed hydrogen and vacancy result in an
increase of electrical resistivity of the Ni–Nb–Zr amorphous ribbon, which would
be mainly due to the increase of the residual resistivity accompanying by impurity
scattering.

As shown in the above examples, temperature dependence of the electrical
resistivity can be explained by the extended Ziman formula based on the Boltzmann
transport equation. The effects of the absorbed hydrogen on the electron transport
properties are systematic and a unique behavior of resistivity change with the time
is also observed. Furthermore, very interesting properties, such as ballistic con-
ductivity, superconductivity, and the Coulomb-blockade oscillations have been
reported in the series of Ni–Nb–Zr amorphous alloy ribbons with absorbed
hydrogen [48, 49]. There is a possibility that these properties could prove to be
useful for applications, such as in sensors, electrical devices, and new technology.

2.3 Development of Metallic Glasses for Applications
as Biomaterials and Biomedical Materials

Guoqiang Xie

2.3.1 Introduction

With a continuously increasing aging society and the improvement of quality of life
(QOL), large demands of the biological and biomedical materials are expected for a
long time. The development of novel biomaterials, that are much safer and much
higher quality, in terms of both biomedical and mechanical properties are of great
interest for both the research scientists and clinical surgeons.

Metallic materials show a great potential for application as biological and
biomedical materials, and are superior in many aspects to alternative biomaterials
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such as ceramics and polymers. Pure Ti and Ti alloys, pure Zr and Zr alloys,
stainless steel, and cobalt chromium alloys are widely used as artificial hip joints,
artificial knee joints, bone plates, dental implants, cardiovascular stents, etc.
[50–52]. Besides, pure Mg and Mg alloys, pure Zn and Zn alloys have been studied
and developed as biodegradable materials aiming to be useful in the clinical cases
that need temporary supporting or fixation (such as plates and screws for bone
fracture fixation, stents for cardiovascular repair), without second operation to be
removed after finishing their functions [53]. However, these conventional crys-
talline metals and alloys have disadvantages such as low strength, high Young’s
modulus (which can cause stress shielding), low wear resistance, prone to crevice
corrosion, pitting corrosion as well as stress corrosion cracking (SCC) and high
cycle fatigue failure, and incompatibility with X-ray or magnetic resonance imaging
(MRI), which cause various problems in clinical application [52].

Bulk metallic glasses (BMGs) owing to their high corrosion resistance, excellent
mechanical properties, and good biocompatibility [54–56] exhibit promising
potential to be applied as biomaterials and biomedical materials. This potential has
caused an increasing interest in studying and developing the biomedical BMGs.

In the design and development of biomedical BMGs, main chemical composi-
tions of the conventional crystalline biomedical alloys, i.e., Ti alloys, Zr alloys,
stainless steels, Mg alloys, and Zn alloys were taken as references. Based on this
consideration, there are the corresponding BMGs with the same main chemical
compositions explored as potential biomaterials. These BMGs can be divided into
two categories, namely, bioinert group and biodegradable group. The bioinert BMG
group includes Ti-based BMGs, Zr-based BMGs, Fe-based BMGs (which are also
known as amorphous stainless steels), and so on. The biodegradable BMG group
includes Mg-based BMGs, Ca-based BMGs, Zn-based BMGs, Sr-based BMGs,
and so on. In this section, recent progress in the developments of these BMGs as
novel biomedical materials will be summarized.

2.3.2 Bioinert Metallic Glasses

The original requirement of first-generation “biocompatible” materials was bioin-
ertness [57]. BMG alloys, which have potential for use as nonabsorbable medical
devices, are usually based on Ti, Zr, and Fe. Toxic or potentially harmful elements
such as Be and Ni are generally to be avoided, if possible. As summarized in
Table 2.3, the bioinert BMG group includes members such as Ti-based BMGs,
Zr-based BMGs, and Fe-based BMGs. Their alloy compositions, fabrication
methods, and mechanical properties are also summarized in Table 2.3.

Ti-based BMGs are promising materials for applications to biomedical fields due
to their high corrosion resistance, excellent mechanical properties, and good bio-
compatibility. Many Ti-based BMGs have been developed in the framework of the
Ti–Ni–Cu and Ti–Zr–Cu–Ni alloy systems [92]. However, these Ti-based BMGs
contain Ni and/or Be, etc., which are not suitable to be in contact with human body
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because of the cellar toxicity, limiting the application of Ti-based BMGs in
biomedical fields. Recently, Ni- and Be-free Ti–Zr–Cu–Pd BMGs with high strength
and good corrosion resistance make it possible to create novel Ti-based BMG
implants [59]. However, relative low glass-forming ability (GFA) (with critical
diameter of 7 mm) restricted the biomedical applications. Large critical diameter and
excellent mechanical properties of BMGs are the fundamental requirement for
applications. The influence of small amounts of additional elements on the formation
and properties of Ti–Zr–Cu–Pd bulk glassy alloys was studied. Minor Sn addition
improved the glass-forming ability (with a critical diameter of 12 mm), thermal
stability, and plasticity of the Ti–Zr–Cu–Pd alloy system [62]. High strength and
distinct plastic strain were observed in the stress–strain curves for Nb-, Ta-, and noble
elements (such as Au and Pt)-added Ti–Zr–Cu–Pd alloys. Especially, yield strength
exceeding 2050 MPa, low Young’s modulus of about 80 GPa and distinct plastic
strain of 8.5% and 10% corresponding to serrated flow sections were obtained in the 3
at.% Nb-, and 1 at.% Pt-added alloys, respectively [64, 66, 67]. Using the
gas-atomized Ti-based (Ti–Zr–Cu–Pd–Sn) glassy alloy powders, the Ti-based
BMGs with a diameter over 15 mm exhibited high density, high strength, as well as
good corrosion resistance can be produced by a spark plasma sintering (SPS) process
[63]. Studies of corrosion behavior of the Ti-based BMGs in different kinds of
simulated body fluids have shown that the Ti-based BMGs exhibited passive
behavior at the open-circuit potential with a low corrosion rate; a susceptibility to
localized corrosion in the form of pitting corrosion; the localized corrosion resistance
was statistically equivalent to, or better than, the conventional crystalline biomedical
alloys, including pure Ti and Ti-based biomedical alloys (such as Ti–6Al–4V) [60,
65], 316L stainless steel [93]. The additions of the minor Nb or Ta also exhibited
higher corrosion resistance [67]. The Ti-based BMGs exhibited low SCC suscepti-
bility in simulated body fluid. A bioactive calcium phosphate compound layer was
obtained after two-step treatment on the Ti-based BMGs [94].

Because Zr with Ti has similar chemical characters, Zr-based BMGs are also
suggested to use as biomaterials. The biomedical Zr-based BMGs have been fea-
tured with a high hardness that is about twice to three times of that for conventional
crystalline biomedical 316L SS, Ti alloys and Zr alloys, and high yield strength that
is considerably higher than that of those abovementioned conventional crystalline
metallic biomaterials. The elastic strains around 2% with low modulus of 68–83
GPa were obtained. The modulus was lower than that of 316 L stainless steel (about
200 GPa) and Ti–6Al–4V alloy (110–125 GPa). In addition, the Zr-based BMGs
also exhibited a considerably large plastic strain. For example, the plastic defor-
mation of Zr–Cu–Pd–Al–Nb BMGs exceeded 20% [84]. In comparison with
conventional crystalline Zr and Zr-based alloys, Ti and Ti-based alloys, and 316L
stainless steel, the Zr-based BMGs showed evidently a lower passive current
density, much higher pitting potential, suggesting that the passive films formed on
the Zr-based BMGs are more protective than on the abovementioned control
groups, indicating their enhanced corrosion resistance behavior [83]. The high
corrosion resistance of the biomedical Zr-based BMGs can be attributed to the
formation of the passive films, mainly composed of ZrO2, on the surface of the
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alloy. Adding Nb [95] and Ag [96] are beneficial for the corrosion resistance,
especially enhanced the corrosion resistance against pitting corrosion.

Compared to Ti-based or Zr-based BMGs, Fe-based BMGs have very low costs,
making them quite attractive for any large-scale biomedical applications. Moreover,
they also have reasonably good glass-forming ability (GFA) and can be easily
prepared by traditional Cu mold casting/cooling methods. However, up to date, most
of developed Fe-based BMGs are soft magnetic materials as functional and struc-
tural materials, for example, power inductor and soft magnetic cores and not suitable
for biomedical applications considering their magnetic properties. In clinical,
magnetic resonance imaging (MRI) diagnosis is inhibited with the presence of
magnetic implants in body because they become magnetized in the intense magnetic
field of the MRI instrument, which may produce image artifacts and therefore pre-
vent exact diagnosis. To decrease the artifacts, medical devices with low magnetic
susceptibility are required. Nonmagnetic Fe-based BMGs were first developed by
Ponnambalam et al. in 2003 and are called as ‘‘amorphous steel” [97] because their
composition is similar to that of stainless steel, i.e., both of the stainless steel and
amorphous steel contain Fe, C, Cr, and Mo elements. The amorphous steels have
glass-forming ability high enough to form single-phase glassy rods with diameters
reaching 16 mm [87]. The tensile fracture strengths of at least 3000 MPa, and high
plastic strains up to 3.6% were obtained. The ductility of the Fe-based BMGs can be
significantly enhanced by properly tuning the alloy compositions [90]. It is well
known that conventional biomedical stainless steels (3l6L SS and 304 SS) are
usually prone to localized attack and Ni ion release in long-term applications due to
their poor corrosion resistance because of the aggressive biological effects [98]. The
developed Fe-based BMGs have higher pitting potential values and lower corrosion
current density values both in Hank’s solution and in artificial saliva solution and
have quite lower ion releasing than that of 316L SS [99].

2.3.3 Biodegradable Metallic Glasses

Besides the joint replacements that need permanent prosthesis implantation in the
human body, there are many other clinical cases, such as bone fracture, cardiovas-
cular diseases, in which the temporary implant materials are needed. The fixation or
mechanical support are temporarily needed during the healing process of the injured
or pathological tissue, and after that, the implants accomplish their mission and will
no longer function in human body. In this case, biodegradable materials are the
optimal choice as these materials do their job while healing and new tissue forming
occur and degrade in the human body thereafter. As summarized in Table 2.4, the
biodegradable BMG group includes members such as Mg-based BMGs, Ca-based
BMGs, Zn-based BMGs, and Sr-based BMGs. Their alloy compositions, fabrication
methods, and mechanical properties are summarized in Table 2.4 as well.
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2.3.4 Porous Bulk Metallic Glasses

Developments of the large size and high strength BMGs without toxic and allergic
elements make it possible to create BMG implants. However, one of the major
problems concerning metallic implants in the orthopedic industry, especially with
hip replacement implants, is the large mismatch (about an order of magnitude)
between the Young’s modulus of the metallic implant and that of cortical bone. The
much higher stiffness of the metal carries a majority of any applied stresses, creating
a stress shielding effect for the more compliant bone and leaving it effectively
unstressed. Cortical bone, when left unstressed, resorbs into the body in a process
termed as disuse atrophy. This resorption weakens the implant/cortical bone
interface and can lead to implant loosening and the eventual need for a painful
revision surgery. One way to overcome the problem is to reduce Young’s modulus
of metallic implants by introducing pores.

Oh et al. [116] reported that the porous Ti having Young’s modulus comparable to
the human bone was fabricated by hot-pressing method, while the strength was lower
than that of bone. By spark plasma sintered the mixture of the gas-atomized Ti-based
glassy alloy powders and solid salt (NaCl) powders, followed by leaching treatment
into water to eliminate the salt phase, high strength, and large size (the diameter
exceeding 15 mm) porous Ti-based BMGs with low Young’s modulus, which is
comparable to that of bone, were produced [117]. The pores are homogeneously
distributed in the whole sintered samples. The porosity can be controlled by con-
trolling the volume fraction of the adding salt phase. Corrosion behavior of the
produced porous Ti-based BMG samples with various porosities was investigated by
polarization process in Hanks’ solution. The porous Ti-based BMGs with various
porosities exhibited a similar polarization process. The potentiodynamic polarization
curves showed that the anodic current density in the porous Ti-based BMGs slowly
increased during anodic polarization, suggesting the crevice corrosion mechanism.

2.3.5 Summary of the Studies for Biomedical Engineering

In this section, recent progress in the developments of bulk metallic glasses (BMGs)
for applications as biomaterials and biomedical materials was described and sum-
marized. These biomedical BMGs were divided into two categories, namely,
bioinert group and biodegradable group. The bioinert BMG group included Ti-based
BMGs, Zr-based BMGs, and Fe-based BMGs. The biodegradable BMG group
included Mg-based BMGs, Ca-based BMGs, Zn-based BMGs, and Sr-based BMGs.
These BMGs did not contain toxic or non-biocompatible elements (e.g., Ni or Be),
and exhibited high strength, high elastic strain limit, low Young’s modulus, excel-
lent corrosion resistance, and good biocompatibility. Using a spark plasma sintering
(SPS) process, large-sized BMGs and porous BMGs having approximate Young’s
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modulus with that of bone were developed. These excellent properties make the
BMGs become competent candidates for application to biomedical fields.

2.4 Low Magnetic Susceptibility Metallic Glasses
for Magnetic Resonance Imaging

Ichiro Seki

2.4.1 Introduction

Implant materials are requiring high reliability mechanically for human actions.
Because metallic materials have high mechanical strength and high corrosion resis-
tance commonly, they are selected as the implant materials. In the human bodies, the
implanted materials have to endure against corrosion caused by an ionic solution like
biological fluid. Therefore, stainless steels, Co-Cr-based alloys, and Ti-based alloys,
which are typically high corrosion resistance materials, are selected. On the other
hand, in recent medical examinations, magnetic resonance imaging (MRI) technique
is treated for high-quality diagnosis and early detection of serious diseases. At the
medical examinations using magnetic resonance imaging (MRI) technique, the
implanted materials cause fake images calling as artifacts [118, 119], and are often
causing degradation of the quality of the medical examinations by the artifacts.
The artifacts are caused strongly depending on magnitude of magnetization of the
metallic materials, and are observableness for the stainless steels. The magnitude of
magnetization is systematically compared by magnetic susceptibility for typical
nonferrous metal without ferromagnetic materials. The magnetic susceptibilities of
typical implant materials such as Co–Cr–Mo and Ti–6Al–4V alloys are known as
7.5 � 10−6 cm3 g−1 and 3.0 � 10−6 cm3 g−1, respectively [120]. In viewpoint of only
low magnetic susceptibility, although the magnetic susceptibilities of ceramics such
as Alfa-alumina whose magnetic susceptibility is −0.363 � 10−6 cm3 g−1 [121] are
suitable, ceramics have problem for reliability of mechanical strength. Particularly,
ceramics is typically embrittlement and is weak for impact stress. In following sen-
tences, from viewpoint of the metallic materials having low magnetic susceptibility,
two kinds of metallic glasses, which are based on Zr and Mg, are briefly introduced.

2.4.2 Magnetic Susceptibility of Zr-Based Metallic
Glass Alloys

Zirconium having high corrosion resistance and mechanical strength are suitable for
the biomaterial material use. Moreover, the magnetic susceptibility of zirconium is
lower than the recent titanium-based biomaterials and is quite low than the common
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metallic materials based on transition metals. Therefore, zirconium is one of
desirable materials for MRI, because a problem of the artifacts caused by metallic
materials becomes small. For the zirconium-based alloys of biomaterial material
use, recently, Suyalatu et al. have reported Zr-based 3 at.%Mo containing alloy,
whose magnetic susceptibility is 1.03 � 10−6 cm3 g−1 [120]. Nomura et al. have
also reported Zr48Cu36Al8Ag8 metallic glass alloy, whose magnetic susceptibility is
0.8 � 10−6 cm3 g−1 [122]. The magnetic susceptibility of the Zr–Cu-based metallic
glass alloys having typical high glass-forming ability [77] is also systematically
reported as dependence of the alloy composition [123]. In this section, a relation-
ship of the magnetic susceptibility and the alloy composition of metallic glass
alloys are mentioned.

Figure 2.15 shows thermal properties of the Zr54−XCu30+XAl8Ag8 metallic glass
alloys at heating by constant heating ratio. A glass-forming ability of the metallic
glasses is conveniently evaluated by magnitude of regions of DT, which is differ-
ential of a glass transition temperature (Tg) showed by a little endothermic behavior
before crystallizations and crystallization temperature (Tc) showed by large
exothermic behavior. Thus, the glass-forming ability of Zr48Cu36Al8Ag8 metallic
glass alloy is highest in this series alloys, and is interpreted. On the other hand, the
magnetic susceptibility is experimentally determined from a magnetization
depending on magnitude of a magnetic field, and is listed in Table 2.5 for the Zr54
−XCu30+XAl8Ag8 metallic glass alloys. The magnitude of magnetic susceptibility of
the alloys is slightly effected by shaping of the samples such as ribbon and bulk, but
is mainly effected by the zirconium content of the alloys actually, i.e., the magnetic
susceptibility of the alloys is linearly changed depending on the alloy composition
rather than the magnitude of glass-forming ability of the metallic glass alloy.

The magnetic susceptibility of metallic martials of Pauli-type paramagnets is
also conveniently expressed by simply sum of two contributions of the conduction
electrons, vfree, and ion in closed shell, vion, as follows [124, 125]:

vest ¼ vfree þ vion

vfree ¼ 2=3 � l2B � NðEFÞ

Fig. 2.15 Thermal properties
of the Zr54−XCu30+XAl8Ag8
metallic glasses at heating

2 Applications of Amorphous Alloy/Metallic Glass … 51



T
ab

le
2.
5

M
ag
ne
tic

su
sc
ep
tib

ili
tie
s
of

th
e
Z
r 5
4−

X
C
u 3

0+
X
A
l 8
A
g 8

m
et
al
lic

gl
as
s
al
lo
ys

A
llo

y
co
m
po

si
tio

n
M
ea
su
re
d
va
lu
es

E
st
im

at
ed

m
ag
ne
tic

su
sc
ep
tib

ili
ty

10
−
5
�

cm
3 /
m
ol

G
la
ss

tr
an
si
tio

n
or

cr
ys
ta
lli
za
tio

n
te
m
pe
ra
tu
re
,
T
/K

v
m
ea
s
10

−
5
�

cm
3 /
m
ol

c
m
J/
m
ol
K
2

v f
re
e

v
io
n

v e
st

T
g

T
x1

D
T
x

Z
r 5
4C

u 3
0A

l 8
A
g 8

B
ul
k

9.
25

6
2.
37

7
13

.6
54

−
1.
73

2
11

.9
22

67
6.
86

74
9.
88

73
.0
2

Z
r 4
8C

u 3
6A

l 8
A
g 8

B
ul
k

8.
28

8
2.
05

2
11

.7
86

−
1.
75

8
10

.0
27

68
4.
35

78
3.
74

99
.3
9

Z
r 4
2C

u 4
2A

l 8
A
g 8

B
ul
k

6.
89

7
1.
65

1
9.
48

5
−
1.
78

5
7.
70

0
70

5.
11

77
3.
58

68
.4
7

Z
r 5
4C

u 3
0A

l 8
A
g 8

R
ib
bo

n
6.
17

1
2.
37

7
13

.6
54

−
1.
73

2
11

.9
22

–
–

–

Z
r 4
8C

u 3
6A

l 8
A
g 8

R
ib
bo

n
4.
95

7
2.
05

2
11

.7
86

−
1.
75

8
10

.0
27

–
–

–

Z
r 4
2C

u 4
2A

l 8
A
g 8

R
ib
bo

n
4.
54

8
1.
65

1
9.
48

5
−
1.
78

5
7.
70

0
–

–
–

Z
r 3
6C

u 4
8A

l 8
A
g 8

R
ib
bo

n
3.
55

8
1.
21

2
6.
96

2
−
1.
81

2
5.
15

0
–

–
–

Z
r 3
0C

u 5
4A

l 8
A
g 8

R
ib
bo

n
3.
04

4
0.
77

0
4.
42

4
−
1.
83

9
2.
58

5
–

–
–

52 S. Yamaura et al.



N EFð Þ ¼ 3c=2p2k2B

vion ¼ �N0 � Ze � l0 � e2 � r2
� �

=6m0

Here, vfree is expressed by lB and N(EF), which are Bohr magnetron and number
of the electrons at the Fermi energy, respectively. Moreover, N(EF) can be
expressed by c and kB, which are electronic specific heat coefficient and Boltzmann
constant, respectively. From c for the Zr–Cu binary amorphous alloys given by
Garoche and Bigot [126], c for the Zr54−XCu30+XAl8Ag8 metallic glass alloys can
be roughly expected. On the other hand, vion is theoretically expressed by N0, Ze,
l0, e, r, and m0, which are Avogadro number, number of electrons in closed shell,
permeability in vacuum, electric charge of an electron, radius of an electron orbit,
and mass of electrons, respectively. The values of the vion for general ion species
have been systematically and theoretically determined by Angus et al. [127], and
are listed in Table 2.5. The measured and estimated magnetic susceptibilities for the
alloys are showing similar behavior depending on alloy composition, and are
showing within same order. Consequently, the magnetic susceptibility of the alloy
is only depending on the alloy composition except for alloy structure such as glassy
structure, and it can be simply estimated theoretically.

2.4.3 Mg-Based Metallic Glasses for MRI

Desirable materials for MRI are requiring lower magnetic susceptibility explained
in the previous part for Zr-based metallic glass alloys. The magnetic susceptibility
of metallic glasses is basically depending on the alloy composition. Therefore, from
the magnetic susceptibility of magnesium reported as 6.3 � 10−6 cm3 mol−1 [121],
it can be simply expected that the magnetic susceptibility of Mg-based metallic
glasses is also low. On the other hand, because a corrosion resistance of the
magnesium is quite low in a quasi-biometric solutions, i.e., an absorption rate of
magnesium into a human body is quite fast, it is ordinary considered that a treat-
ment of the magnesium is difficult for a bone replacement material. However, the
faster absorption rate of magnesium is also focused for the bone replacement
material of a self-extinction type. The bone replacement material is usually sub-
stituted for a broken bone in human body by a medical treatment, and the material
will become unnecessarily depending on the healing of the affected part. If con-
ventional implant materials are used inside a human body to repair bone-fractures,
they should be removed by a second surgery after completion of osteosynthesis. But
it is so painful for the patients to undergo a surgery again. Herein, in the case of
treating of the self-extinction materials made by the magnesium-based material, the
medical treatment to remove the substitution becomes unnecessary, i.e., from a
point of view of a regenerative medicine, resolvability materials such kinds of
magnesium-based materials become suitable with controlling of corrosion
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resistance in human body. In this section, the magnetic susceptibility of the
magnesium-based alloys is mentioned.

Table 2.6 lists magnetic susceptibilities of measured and expected values of
Mg–Zn metallic glass alloys. The measured values are determined by supercon-
ducting quantum interference device (SQUID) magnetometer at 300 K up to 2
T (20 kOe). The estimated values are determined by the relation “vest = vfree +
ion” similar with the relation mentioned for the Zr-based metallic glass alloys. Here,
vfree is estimated from the previous relation, and is also estimated from the fol-
lowing equation [124]:

vfree ¼ 2=3 � l2B � N EFð Þ � 1:243� 10�6 A=qð Þ2=3 e=að Þ1=3

Here, A, q, and e/a are atomic weight, density, and a number of the electrons per
atom. The vion can be determined by the manner of Angus et al. [127]. For the
composition dependence of the estimated magnetic susceptibility of the alloys,
because the magnetic susceptibility of zinc is −9.15 � 10−6 cm3 mol−1 [121], the
magnetic susceptibility of that becomes small slightly depending on increasing of
zinc content. Moreover, the estimated magnetic susceptibilities of the alloys are also
corresponding to the measured values within same order. However, because the
magnetic susceptibility of Mg-based metallic glasses is small enough, the difference
of that seems to be hiding in error ranges of the measured magnetic susceptibilities
of the alloy in this case.

For an application of the magnesium and magnesium-based alloys as the bone
replacement material, the corrosion resistance of magnesium and magnesium alloys
is quite small, and the magnesium in human body is reacted with a water expressed
by the following reaction [128]:

Mg + 2H2O = Mg(OH)2 + H2

Here, although the magnesium is known as harmlessness and one of essential
elements for the human body, and is effective for bone metabolism, a dissolution
rate of a substitution materials made of the pure magnesium into human body is
commonly 3 or 4 times faster than a bone replacement rate [129]. Moreover,
because much hydrogen gas is generated in human body faster than an absorption
rate into the human body, an air bubble is formed, and it is desirable to avoid the
phenomena. Therefore, when the magnesium alloy as the bone replacement material
is treating, increasing the corrosion resistance to decrease the dissolution rate in the
human body is necessary. The corrosion resistance of magnesium-based metallic
glass alloys has been investigated by Qin et al. [104], and is reported to be delayed
by a doped calcium and silver. The magnetic susceptibility for the calcium and
silver-doped Mg-based metallic glasses is also investigated and is listed in
Table 2.6. From the comparison, because the effect of the doped calcium and silver
for the magnetic susceptibility is not significant, the manner of calcium and silver
dope for the Mg-based metallic glasses is effective for increasing of corrosion
resistance with saving of the magnetic property influencing for MRI.
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Chapter 3
Ti-Based Biomedical Alloys

Mitsuo Niinomi and Masaaki Nakai

Abstract Titanium (Ti) and its alloys are currently getting much attention for
structural biomaterials, because they are much advantageous as compared with
other metallic biomaterials such as biomedical stainless steels and Co-based alloys,
and their practical uses in implant devices are widely spreading. In this paper, types
of Ti alloys for biomedical applications are first described. Pure Ti, (a + b)-type,
and b-type Ti alloys for biomedical applications including general b-type Ti alloys,
superelastic and shape-memory b-type Ti alloys, Young’s modulus self-adjustable
b-type Ti alloys, and b-type Ti alloys for reconstructive implants are then described.

Keywords Titanium alloy � Superelasticity � Shape-memory effect � Young’s
modulus self-adjustability � Reconstructive implants

3.1 Introduction

Titanium (Ti) and its alloys are attracting a lot of attention for biomedical appli-
cations such as implants for failed bone replacement, which are shown in Fig. 3.1
[1], because they exhibit excellent specific strength and corrosion resistance, no
allergic problems, and the best biocompatibility among the metallic biomaterials.
Pure Ti and Ti-6Al-4V ELI are still the most widely used for biomedical
applications among the Ti alloys, and they occupy most of the market of Ti-based
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biomaterials. However, these alloys were basically optimized to be structural
materials for aerospace applications. Therefore, Ti alloys for biomedical applica-
tions are required, and hence, research on Ti alloys composed of nontoxic and
allergy-free elements is being pursued and was started [2–4]. Ti alloys containing
nontoxic and allergy-free elements developed in the early stages are mainly
(a + b)-type. Afterward, the mechanical biocompatibility of the biomaterials was
considered as an important factor and, therefore, research of b-type Ti alloys, which
are advantageous from that point of view began and is still increasing [1, 5, 6].

Among all the studies addressing this topic, the developments of materials for
biomedical applications such as the developments of new Ti alloys exhibiting
superelasticity and shape-memory Ti alloys composed of nontoxic elements are
attracting a lot of attentions [7–12]. These superelastic or shape-memory charac-
teristics are expected to result in new applications of these metallic materials other
than the medical field.

Focusing on the spinal devices, in order to satisfy the demands of both surgeons,
demanding materials with a high Young’s modulus, and patients, who need
materials with a low Young’s modulus, Young’s modulus-adjustable b-type Ti
alloys are being developed.

Furthermore, the direct or indirect evaluation of biocompatibility using animals
[13] or cells [14, 15], and the measurement of the mechanical performance [16–18]
using indicators such as fatigue, fretting fatigue, and fracture toughness are also
intensely studied.

Artificial shoulder joints 

Spinal fixation 
 devices 

Artificial dental implants 

Artificial hip joints

Artificial finger joints 

Artificial knee joints Artificial ankle 
joints 

Artificial elbow 
joints 

Bone fixation devices 

Fig. 3.1 Schematic drawings of various implants for replacing failed hard tissue. Reprinted from
Ref. [1], Copyright 2010, with permission from The Japan Institute of Metals and Materials
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Three groups of Ti and its alloys (commercially pure Ti (CP-Ti), (a + b)-type Ti
alloys, and b-type Ti alloys) for biomedical applications are discussed in this
section. Biomedical instruments made of Ti and its alloys are introduced.

3.2 Types of Ti Alloys for Biomedical Applications

Titanium alloys are generally classified into a-type, (a + b)-type, and b-type
according to their primary constitutional phases. The a-type Ti alloys are composed
of single-phase a-microstructures, while the b-type Ti alloys are composed of
single-phase b-microstructures. The (a + b)-type Ti alloys are composed of
two-phase (a + b)-microstructures. The a- and b-phases have hexagonal
close-packed (hcp) and body-centered cubic (bcc) structures, respectively: the latter
possessing a lower atomic density than the former. These characteristics are
depicted in Fig. 3.2 [19]. The three phases appear according to the stability of the Ti
phase, which changes with the b-stabilizing elements, as shown in Fig. 3.3.
Between the stable a- and b-phases, the metastable a′ martensite with an hcp
structure, the a″ martensite with an orthorhombic structure, and the x-phase with a
hexagonal or trigonal structure can be formed.

Therefore, the Young’s modulus, which is a very important property from the
viewpoint of mechanical biocompatibility with the bone, is typically smaller in
b-type Ti alloys than in a- or (a + b)-type Ti alloys.

(a) Hexagonal close packed
structure

(HCP)

(c) Body centered 
structure

(BCC)

+

α-type titanium alloy (α− β) -type titanium alloy β -type titanium alloy

(b) HCP BCC 

Young’s modulus Young’s modulus Young’s modulus

Fig. 3.2 Schematic explanation of a-, (a + b)-, and b-type titanium alloys based on crystal
structure, and order of largeness of Young’s modulus [19]
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3.3 Pure Ti

Four grades Ti for implant devices are ASTM standardized, which is the standard
specification for unalloyed Ti for surgical implant applications (UNS R50250, UNS
R50400, UNS R50550, UNS R50700) designated as ASTM F67 [20]. They are also
standardized as per ISO and JIS designated as ISO 5832-2 [21] and JIS T 7401-1
[22], respectively. The chemical compositions of these four-grade pure Ti materials
are listed in Table 3.1 [20]. The content of impurities, such as nitrogen (N), iron
(Fe), and oxygen (O) increase by increasing the number of the grade. For pure Ti,
the increase in the content of impurities leads to a rise in the strength and to a
decrease in the elongation (ductility). Therefore, the strength increases as ductility
decreases when the number of the grade in pure Ti is increased.

3.4 (a + b)-Type Ti Alloys

Pure Ti and its alloys such as Ti-6Al-4V extra low interstitial (ELI) are widely used
for biomedical applications. Ti-6Al-4V ELI is a (a + b)-type Ti alloy. Ordinary
Ti-6Al-4V, which is a common purity alloy, is also used for biomedical

bcc-β
phase

hcp-α 
phase

hcp-αʹ
phase

orthorhombic- 
αʺ phase

hexagonal-
(trigonal-)ω
phase

Low β stability High

Te
m

p.

Room
temp.

β stabilizing elementPure
Ti

α
α+β

β

Ms
β→α’ or α”

β transus
β→α+β

α-type (α + β)-type (Meta stable) (Stable)

β-type

β+ω

1155 K

Fig. 3.3 Relationship between schematic phase diagram of titanium alloys and b stability
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applications. These two alloys are standardized as per ASTM F136 (UNS R56401),
[23] and F1472 (UNS R56400) [24], respectively. Ti-6Al-4V ELI is also stan-
dardized in ISO designated as per ISO 5832-3 [25], while Ti-6Al-4V is standard-
ized as per in JIS, designated as JIS T 7401-2 [26]. Ti-3Al-2.5V is standardized for
biomedical applications as per ASTM designated as ASTM F-2146 (UNS R56320)
[27]. Pure Ti and a + b type Ti alloys, including Ti-6Al-4V ELI, Ti-6Al-4V, and
Ti-3Al-2.5V were originally designed to be used as in the general structural
materials in particular for aerospace structures and only later they were adopted for
biomedical applications.

The toxicity of the b stabilizing element of V was later realized [28, 29].
Therefore, V in the Ti-6Al-4V was replaced by another b stabilizing element such
as Fe or Nb, which are considered to be safer for the body as compared to V.
Ti-5Al-2.5Fe and Ti-6Al-7Nb, which are also (a + b)-type Ti alloys, have been
introduced [30]. Ti-5Al-2.5Fe has been registered in the ISO standardization only
(ISO 5832) [31], while Ti-6Al-7Nb has been registered in ASTM (ASTM F 1295
(UNS R56700), ISO (ISO 5832-11), and JIS (JIS T7401-5) standardizations
[32–34]. Therefore, it can be said that the development of Ti alloys optimized for
implantation in living bodies began with the introduction of these alloys. Based on
the same concept, other (a + b)-type biomedical Ti alloys like Ti-6Al-6Nb-1Ta and
Ti-6Al-2Nb-1Ta have been proposed [35, 36]. The latter was originally produced to
be structural Ti alloy for military use, and then has been registered in JIS stan-
dardization (JIS T7401-3) [37]. Subsequently, (a + b)-type Ti alloys that do not
contain V or Al, namely Ti-15Zr-based and Ti-15Sn-based alloys were developed
such as Ti-15Sn-4Nb-2Ta-0.2Pd and Ti-15Zr-4Nb-2Ta-0.2Pd [38]. Ti-15Zr-based
alloy has been registered in JIS standardization (JIS T7401-4) [39].

Table 3.1 Chemical requirements for four-grade pure titanium

Element Composition, mass%

Grade 1
(UNS R50250)

Grade 2
(UNS R50400)

Grade 3
(UNS R50550)

Grade 4
(UNS R50700)

Nitrogen, max 0.03 0.03 0.05 0.05

Carbon, max 0.08 0.08 0.08 0.08

Hydrogen, max 0.015 0.015 0.015 0.015

Iron, max 0.20 0.30 0.30 0.50

Oxygen, max 0.18 0.25 0.35 0.40

Titanium Balance Balance Balance Balance

Reprinted from Ref. [20], with permission from ASTM
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3.5 b-Type Ti Alloys

3.5.1 General b-Type Ti Alloys

Stress shielding is an inhomogeneous stress transfer between the implant and the
bone. The stress transfers predominantly through the implant because the modulus
(Young’s modulus) of the metal implant is generally much higher than that of bone.
This effect leads to bone absorption, which causes the loosening of the implant or
refracture of the bone after the implant removal. Therefore, a metallic biomaterial
with a similar modulus to that of the bone (i.e., a low-modulus metallic biomaterial)
was required. The moduli of the Ti alloys are the lowest among the main metallic
biomaterials [30]. The elastic modulus of the (a + b)-type Ti-6Al-4V (around 110
GPa) is much lower than those of stainless steel and Co-based alloys (around 180
and 210 GPa, respectively) [40]. As mentioned above, Ti alloys are classified into
a-type, (a + b)-type, and b-type alloys. The moduli of the b-type titanium alloys is
lower than those of the a-type and (a + b)-type alloys because the crystal structure
of the a phase (main component phase of the a-type Ti alloys) is hexagonal
close-packed (hcp), while that of the b phase (main component phase of the b-type
titanium alloys) is body-centered cubic (bcc). Thus, low-modulus b-type Ti alloys
for biomedical applications are being developed.

The low-modulus Ti alloys developed for biomedical applications are all b-types
containing nontoxic and allergy-free elements. The first low-modulus b-type Ti
alloy developed for biomedical applications was Ti-13Nb-13Zr [41], which is
registered in the ASTM standard designated as ASTM F1713 [42]. Other similar
alloys were then developed, such as Ti-12Mo-6Zr-2Fe (TMZF) [43] registered in
ASTM standard (ASTM F1813 (UNS R58120)) [44], Ti-15Mo [45] registered in
ASTM (ASTM F2066) (UNS R58150) [46], Ti-16Nb-10Hf (Tiadyne 1610) [47],
Ti-15Mo-5Zr-3Al [48] standardized as per ISO and JIS designated as ISO 5832-14
[49] and JIS T 7401-6 [50], Ti-35.3Nb-5.1Ta-7.1Zr (TNZT: TiOsteum) [51]
(ASTM Task Force F-04.12.23) [52], and Ti-29Nb-13Ta-4.6Zr (TNTZ) [53]. Later,
Ti-11.5Mo-6Zr-4.5Sn was also registered in ASTM (ASTM F 1713(UNS R58130))
[54]. Since then, many low-modulus b-type Ti alloys have been developed or are
under study. Recently, low-modulus b-type Ti alloys composed of low-cost ele-
ments such as Fe, Cr, Mn, Sn, and Al have been proposed, owing to consumption of
resources of high-cost elements such as the rare metals Nb, Ta, Mo, and Zr.
Examples of these alloys include Ti-10Cr-Al [55], Ti-Mn [56], Ti-Mn-Fe [57],
Ti-Mn-Mo [58], Ti-Mn-Al [59], Ti-Cr-Al [60], Ti-Sn-Cr [61], Ti-Cr-Sn-Zr [62], Ti-
(Cr, Mn)-Sn [63], and Ti-12Cr [64].

The selected low-modulus b-type Ti alloys for biomedical applications are listed
in Table 3.2 [40]. The Young’s moduli of the representative b-type Ti alloys are
shown in Fig. 3.4 [65] together with those of the representative a- and (a + b)-type
Ti alloys. These data were obtained under solution-treated conditions. Many of the
b-type Ti alloys for biomedical applications show Young’s moduli of around 80
GPa under the solution-treated conditions.
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3.5.2 Superelastic and Shape-Memory b-Type Ti Alloys

A shape-memory TiNi alloy is still expected to be used for biomedical applications,
particularly, for stents and guide wires of catheters. However, Ni is a high-risk
element concerning allergic problems, although protection methods can be used to
prevent the dissolution of Ni ions in the human body. Therefore, a Ni-free
shape-memory alloy was developed for biomedical applications, and to date, many
Ni-free b-type Ti alloys have been tested.

Table 3.2 b-type titanium alloys with low Young’s modulus developed up to date

b-type titanium alloy ASTM standard ISO standard JIS standard

Ti-13Nb-13Zr ASTMF F1713 – –

Ti-12Mo-6Zr-2Fe (TMZF) ASTM F1813 – –

Ti-12Mo-5Zr-5Sn – – –

Ti-15Mo ASTM F2066 – –

Ti-16Nb-10Hf (Tiadyne 1610) – – –

Ti-15Mo-2.8Nb-0.2Si – – –

Ti-15Mo-5Zr-3Al – ISO 5832-14 JIS T 7401-6

Ti-30Ta – – –

Ti-45Nb – – –

Ti-35Zr-10Nb – – –

Ti-35Nb-7Zr-5Ta (TNZT: TiOsteum) ASTM Task Force
4.12.23

– –

Ti-29Nb-13Ta-4.6Zr (TNTZ) – – –

Ti-35Nb-4Sn – – –

Ti-11.5Mo-6Zr-4.5Sn ASTM F 1713 – –

Ti-50Ta – – –

Ti-8Fe-8Ta – – –

Ti-8Fe-8Ta-4Zr – – –

Ti-35Nb-2Ta-3Zr – – –

Ti-22.5Nb-0.7Zr-2Ta – – –

Ti-23Nb-0.7Ta-2.0Zr-1.2O (Gum Metal) – – –

Ti-28Nb-13Zr-0.5Fe (TNZF) – – –

Ti-24Nb-4Zr-7.9Sn (Ti2448) – – –

Ti-7.5Mo – – –

Ti-12Mo-3Nb – – –

Ti-12Mo-5Ta – – –

Ti-12Cr – – –

Ti-30Zr-7Mo – – –

Ti-30Zr-3Mo-3Cr – – –

Ti-5Fe-3Nb-3Zr – – –

Reprinted from Ref. [40], Copyright 2012, with permission from Elsevier
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The selected Ni-free shape-memory alloys, which generally also exhibit
superelasticity, are listed in Table 3.3 [66] and can be roughly divided in four
groups: (i) Ti-Nb systems alloys [67–80], (ii) Ti-Mo system alloys [81–85],
(iii) Ti-Ta system alloys [86], and (iv) Ti-Cr system alloys [87].

The addition of a small amount of oxygen (O) or nitrogen (N) enhances the
superelastic performance of Ni-free Ti-based alloys, because they decrease the
starting temperature of the martensite transformation. In general, the total elastic
recovery strain is around 3% for Ni-free shape-memory Ti alloys. Microstructural
control (i.e., the texture formation caused by a thermomechanical treatment) is also
important to enhance the superelastic performance. For example, around 6% total
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Fig. 3.4 Young’s moduli of representative a-type, (a + b)-type, and b-type titanium alloys [65]

Table 3.3 Representative Ni-free shape-memory and superelastic alloys

Alloy system Superelastic and shape-memory alloy

Ti-Nb system Ti-Nb, Ti-Nb-O, Ti-Nb-Sn, Ti-Nb-Al, Ti-22Nb-(0.5-2.0)O (at.%),
Ti-Nb-Zr, Ti-24Nb-2Zr (at.%), Ti-Nb-Zr-Ta, Ti-Nb-Zr-Ta-O, Ti-Nb-Mo,
Ti-Nb-Ta-Zr-N, Ti-22Nb-6Ta (at.%), Ti-Nb-Au, Ti-Nb-Pt, Ti-Nb-Ta,
Ti-Nb-Pd, Ti-29Nb-13Ta-4.6Zr (TNTZ), Ti-24Nb-4Zr-8Sn (mass%)

Ti-Mo system Ti-Mo-Ga, Ti-Mo-Ge, Ti-Mo-Sn, Ti-Mo-Ag, Ti-5Mo-(2-5)Ag (mol%),
Ti-5Mo-(1-3)Sn (mol%), Ti-Sc-Mo

Ti-Ta system Ti-50Ta (mass%), Ti-50Ta-4Sn (mass%), Ti-50Ta-10Zr (mass%)

Ti-Cr system Ti-7Cr-(1.5, 3.0, 4.5)Al (mass%)

Reprinted from Ref. [66], Copyright 2012, with permission from Woodhead Publishing
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elastic recovery strain can be obtained for Ti-Nb-Al system alloys because of their
texture [88]. It has been reported that around 6% of total elastic recovery strain is
obtained in Ti-Nb-Zr, Ti-Nb-Zr-Ta, Ti-Nb-Zr-Ta-O, and Ti-Nb-Zr-Ta-N system
alloys [74].

3.5.3 Young’s Modulus Self-adjustable b-Type Ti Alloys

Spinal fixation devices are generally composed of rods, plugs, and screws, as shown
in Fig. 3.5(b) [89]. The rods, in particular, bend when manually handled by sur-
geons within the small space inside the patients’ bodies for in situ spine contouring
[64]. The bent shape should be maintained and therefore, the bend back of the bent
rod, called as springback, should be prevented. The amount of springback in
implant rods should be small so that the implant offers better handling ability during
operations. The amount of springback is considered to depend on both the strength
and Young’s modulus of the implant rod. If two implant rods having the same
strength but different Young’s moduli are used, the one with the lower modulus will
show a greater spring back, as shown in Fig. 3.6 [89]. Patients require low Young’s
modulus for stress shielding inhibition, whereas surgeons require a high Young’s
modulus in order to prevent springback. To satisfy these conflicting demands at the
same time, it should be possible to change Young’s modulus to a higher value only
at the bent sections of the rod at room temperature deformation, allowing Young’s
modulus of the rest of the rod to have a lower value [64]. Among the nonequi-
librium phases such as the a′ martensite-, a″ martensite-, and x-phases, the x-phase
has a higher Young’s modulus than the b-phase, as already shown in Fig. 3.3.

Rod

Plug

Screw Plug

Rod 

Screw

(a)

(b)

Fig. 3.5 a Images and b schematic drawing of spinal fixation system consisting of rods, screws,
and plugs. Reprinted from Ref. [89], Copyright 2013, with permission from The Japan Institute of
Metals and Materials
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Therefore, if the x phase is induced by deformation (bending) on the interested part
only, the conflicting demands might be satisfied. Figure 3.7 [90] shows Young’s
moduli of Ti-(10-14)Cr alloys subjected to solution treatment (ST) and cold rolling
(CR), where cold rolling at a reduction ratio of 10% was carried out to simulate the
deformation. The increase in Young’s modulus is the highest at a Cr content of 12
mass%. To achieve a higher degree than that of Ti-12Cr, which has an athermal
x-phase, O is added to the alloy owing to its ability to suppress the formation of the
athermal x-phase. Finally, Ti-11Cr-0.2O, which exhibits a higher increase in the
Young’s modulus by CR than those of Ti-11Cr-(0.40, 0.60)O and Ti-12Cr-(0.20,
0.40, 0.60)O has been developed, as shown in Fig. 3.8 [90].

Figure 3.9 [91] shows comparison profiles of the ratio of springback per unit of
load as a function of the applied strain for TNTZ, Ti-12Cr, and Ti-6Al-4V ELI
(Ti64 ELI). The ratios of springback per unit of load of all the alloys show a similar
trend, initially decreasing significantly and then remaining approximately stable
while the applied strain increases. Among the mentioned alloys, Ti-11Cr-0.2O,
which reaches a very low and stable springback value when the applied strain is
greater than 2%, exhibits a minimal ratio of springback per unit stress. This value is
much lower than that of TNTZ and is the closest to that of Ti64 ELI among the
compared alloys.

Fig. 3.6 The relationship
between Young’s modulus
and springback. Reprinted
from Ref. [89], Copyright
2013, with permission from
The Japan Institute of Metals
and Materials

30
40
50
60
70
80
90

100
110

9 10 11 12 13 14 15

CR
ST

Yo
un

g'
s 

m
od

ul
us

,  E
(G

Pa
)

Chromium content, (mass%)

Fig. 3.7 Young’s modulus
of Ti-(10-14)Cr alloys
subjected to solution
treatment (ST) and 10%
reduction cold rolling (CR)
as a function of Cr
(chromium) content.
Reprinted from Ref. [90],
Copyright 2012, with
permission from Elsevier
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3.5.4 b-Type Ti Alloys for Reconstructive Implants

In particular situation, internal fixation devices are implanted into the bone marrow
such as (i) the femoral, tibial, and humeral marrows, (ii) the screws used for bone
plate fixation [92], and (iii) the implants used for children, which would otherwise
grow into the bone. In these cases, it is essential to remove the internal fixation
device after surgery in accordance with certain specific criteria including significant
local symptoms, such as: (i) palpable hardware, (ii) wound dehiscence/exposure of
hardware, or (iii) returning to contact sportletes [93, 94]. The assimilation of the
removable internal fixation devices with the bone, owing to calcium phosphate
precipitation might cause the refracture of the bone during the operation of removal.
Therefore, in these circumstances, it is essential to prevent the adhesion of the
alloys to the bone tissues, hence, the calcium phosphate precipitation.
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Fig. 3.8 Young’s moduli of
Ti-(11, 12) Cr-(0.2, 0.6) O
alloys subjected to solution
treatment (ST) and 10%
reduction cold rolling (CR).
Reprinted from Ref. [90],
Copyright 2012, with
permission from Elsevier
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Zr and Ti belong to the same group of elements in the periodic table, have the
same crystal structure, and show unlimited solubility with each other [95, 96]. The
toxicities of Ti and Zr are similar, and the latter expected to be an effective element
for solution strengthening Zr is expected to be an effective element for solution
strengthening [97, 98]. It has been reported that Zr has the ability to prevent the
precipitation of calcium phosphate, which is the main component of the human
bones [99], and that Ti alloys with Zr contents exceeding 25 mass% inhibit the
formation of calcium phosphate [100]. Furthermore, when the Zr content exceeds
56 mass% the tensile strength remains fairly high but the elongation decreases
[101]. Binary Ti-Zr alloys with high Zr contents exhibited high strength [100, 102,
103] and excellent biocompatibility [97]. On the basis of this analogy, biomedical
Ti-Zr-based alloys such as Ti-Zr-Nb [104], Ti-Zr-Nb-Ta [105], and Ti-Zr-Al-V
[101] alloys have been recently developed. Ti-30Zr-5Mo [106] was also developed
with regard to the concept of novel Ti alloys for removable implants. Furthermore,
Ti-30Zr-7Mo [106], Ti-30Zr-5Cr [107], and Ti-30Zr-3Cr-3Mo [107] showed
self-tuning Young’s moduli in addition to an easy removal from bones.

3.5.5 Summary

Ti and its alloys are still attracting attention for biomedical applications because
their biological and mechanical biocompatibilities are generally better than those of
other metallic biomaterials. Not only biological and mechanical biocompatibilities
but also a behavior similar to that of living bone is required from metallic bio-
materials. Ti alloys containing the metastable b-type phase can satisfy such
requirements because of a deformation-induced phase. One example of this is
Young’s modulus self-adjustable b-type Ti alloy mentioned in this chapter.
Development of such kinds of Ti alloys for biomedical applications is highly
desirable in the future.
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Chapter 4
Mn-Based Ferromagnetic Alloys

Yoshifuru Mitsui and Rie Y. Umetsu

Abstract Magnetic properties of Mn-based alloys and compounds are rich in the
variety of their magnetism because the magnetic moment of Mn varies from almost
zero to 5 lB depending on its environment and its sign of exchange interaction
changes with the distance between Mn atoms. Mn-based alloys and compounds
with large magnetic anisotropy are recently being focused on with regard to their
applications to perpendicular magnetic films and alternate materials of permanent
magnets. Although it is generally thought that magnetic anisotropy originates from
large spin–orbit interaction due to heavy elements, such as Pt, Pd, and rare earth
elements, some Mn-based alloys and compounds indicate comparatively large
magnetic anisotropy without such heavy elements. MnAlGe pseudo-two-
dimensional compound with a Cu2Sb-type structure is thought to be a candidate
for perpendicular magnetic films. Clarification of the mechanism of magnetic
properties is needed to improve the characteristics desired for applications. MnBi
has been considered to be an alternate material for permanent magnet; however, a
problem exists in which a single phase of MnBi is difficult to obtain. Among some
ingenious fabrication processes, it has been found that solid-state reaction in a
magnetic field is effective to improve the reaction. The application of a magnetic
field during the reaction enhances not only the fabrication of a single phase of MnBi
but also the assembly of the crystal orientation.
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4.1 Introduction

Mn-based alloys and compounds have various magnetic properties. Basically, pure
Mn has four phases: a, b, c, and d. The a phase has a body-center-cubic-type unit
cell containing 58 Mn atoms composing four kinds of Mn sites. Its magnetism is
antiferromagnetic having a Néel temperature of 95 K [1]. Although the ground state
of the b phase is enhanced Pauli paramagnetism, antiferromagnetic ordering or
spin-glass-like-magnetism is induced by substitution of elements, such as Al, Co,
Ru, Rh, and Os [2, 3]. The crystal structure is also cubic type with 20 Mn atoms in
the unit cell and it has two kinds of inequivalent Mn sites. The c phase is a
face-centered-cubic structure and shows paramagnetism at around 1100 K. It is hard
to obtain the c phase at room temperature by quenching of pure Mn; however,
stabilization is possibly by substitution of certain elements, and the obtained phase
exhibits antiferromagnetism with a Néel temperature of about 480 K [4]. Because of
its high stability of antiferromagnetic ordering, c-MnIr is applied to the pinning
layer in a tunnel-magnetoresistance multilayer for a magnetic head. The d phase has
a body-centered-cubic structure, and there is a theoretical report that its ground state
is antiferromagnetic [5].

As mentioned above, even pure Mn has four kinds of phases. In the alloys and
compounds, Mn atoms have a magnetic moment from almost zero to 5 lB
depending on the environment [6], and it is well known that the exchange inter-
action between Mn atoms changes from antiferromagnetic to ferromagnetic
depending on distance. When the Mn atoms are close to each other, their magnetic
moments prefer antiferromagnetic coupling, whereas when they are far from each
other, ferromagnetic coupling is preferred. Ni2MnAl Heusler alloy is unique
because the magnetic property is significantly sensitive to the degree of order. That
is, L21-type ordering indicates ferromagnetic ordering, whereas B2-type disorder
exhibits antiferromagnetic ordering [7]. This behavior is explained by the fact that
the disorder introduces a close Mn–Mn bond distance with antiferromagnetic
coupling. Among ferromagnetic Mn-based alloys and compounds, MnAl, MnZn,
MnBi, MnGa, MnGe, MnAlGe, MnZnSb, are known to have a large magnetic
anisotropy. These materials have a uniaxial magnetic crystalline anisotropy constant
on the order of *106 J/m3, which is comparable to that of a rare-earth-based
permanent magnet and L10-type FePt, CoPt, and FePd. Because the magnetization
of Mn-based ferromagnetic materials is not so high, their characteristic as perma-
nent magnets is inferior to that of rare-earth-based permanent magnets. However,
the recent trend of the element strategy encourages investigation of these materials
[8]. Especially, in the field of spintronics, ferromagnetic materials with large
magnetic anisotropy but comparatively low magnetization are highly desired
[9, 10].

In the present chapter, the focus is on two kinds of Mn-based ferromagnets. One
is MnAlGe pseudo-two-dimensional compounds with a Cu2Sb-type structure. Not
only the magnetic anisotropy and magnetization, but also the degree of the Curie
temperature, TC, is very important for applications. The relationship between TC
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and the distance between Mn layers will be discussed. The other is MnBi com-
pound with a NiAs-type structure. Although the compound has been considered to
have high potential as an alternative permanent magnet, it is very difficult to obtain
a single phase because of the segregation during peritectic reactions. Applying
magnetic fields during the solid-state reaction improves the fabrication of MnBi as
well as the crystal orientation.

4.2 Magnetic Properties of Mn-Based Layered
Compounds MnAlGe and MnGaGe

In this section, magnetic properties of a MnAlGe pseudo-two-dimensional com-
pound and its related material of MnGaGe are introduced. They have a tetragonal
Cu2Sb-type structure, and Mn atoms are aligned two dimensionally in the c-plane.
There are two layers, one composed only of Mn atoms and the other composed of
nonmagnetic elements of Al(Ga)/Ge stacked in the c-axis direction (Fig. 4.1).
Lattice parameters a and c are reported to be 0.3913 nm and 0.5933 nm for
MnAlGe [11], and 0.3966 nm and 0.5885 nm for MnGaGe [12], respectively.
Magnetic moment and magnetic structure for MnAlGe have been shown by neutron
diffraction to have magnetic moments of Mn with 1.70 lB at 4.2 K [13]. The

Fig. 4.1 Crystal structure of
MnAlGe and MnGaGe
compounds with a Cu2Sb
type. Layers composed of
only Mn atoms or of
nonmagnetic elements
stacked in the c-axis direction.
The Al/Ga and Ge layers
slightly shift
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uniaxial magnetic anisotropy constant and TC obtained by magnetic measurements
are listed in Table 4.1. Investigations of MnAlGe film were made in the 1970s and
80s by some groups [14–17]. It has been reported that crystalized islands of
MnAlGe are distributed in nonmagnetic amorphous state by annealing up to a
certain temperature [17]. Recently, Mizukami et al. succeeded in fabricating epitaxy
film on a MgO substrate and showed perpendicular magnetic anisotropy [10]. They
also reported a Gilbert damping constant of *0.05, whereas the theoretical value is
much smaller than the experimental one.

As well as magnetic anisotropy, TC is also very important for the applications.
Substitution effects on TC for MnAlGe have been investigated and unique results
indicating that only Cr substitution for Mn enhances TC have been reported
[18, 19]. In order to investigate the effects of substitution on TC for the MnGaGe
series, some experiments were performed [20]. Three kinds of specimens of
(Mn0.8Cr0.2)GaGe, MnGaGe, and (Mn0.8Fe0.2)GaGe were fabricated by induction
melting, and obtained ingots were annealed at 773 K. Figure 4.2 shows powder
X-ray diffraction patterns for (Mn0.8Cr0.2)GaGe, MnGaGe, and (Mn0.8Fe0.2)GaGe
compounds at room temperature, together with the calculated pattern for MnGaGe,
reported lattice parameters being used here [11]. Intensities of most of the observed
peaks coincide with the simulated patterns except for two peaks indexed as 101 and
301 reflections as indicated by arrows in the figure. The powdered specimens may

Table 4.1 Lattice parameters a and c, magnetic moment of Mn at 4.2 K mMn, uniaxial magnetic
anisotropy constant Ku, the Curie temperature TC for MnAlGe and MnGaGe compounds after
[11–13]

a, c (nm) mMn (µB) Ku (�106 J/m3) TC (K) References

MnAlGe 0.3913, 0.5933 1.70 0.97 519 [11, 13]

MnGaGe 0.3966, 0.5885 1.66 458 [12]

Fig. 4.2 Powder X-ray
diffraction patterns for
(Mn0.8Cr0.2)GaGe, MnGaGe,
and (Mn0.8Fe0.2)GaGe
compounds, together with
calculated pattern as MnGaGe
using lattice parameters from
the literature [11]. Reprint
from Ref. [20], Copyright
2014, with permission from
IEEE
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be somewhat oriented. Lattice parameter a is not sensitive to the substitution,
whereas c is slightly expanded by Cr substitution and shrunk by Fe. Using these
specimens, magnetization curves were measured at 4.2 K. The saturation magne-
tizations of (Mn0.8Cr0.2)GaGe and MnGaGe were almost the same, or slightly
increased by Cr substitution. On the other hand, magnetization was decreased by Fe
substitution.

Figure 4.3 indicates thermomagnetization curves measured under a magnetic
field of 1 T for the three specimens. TC is defined at the minimum point in the
temperature derivative of the thermomagnetization curves and indicated by arrows
in the figure. Similar behavior of the substitution effects on TC is observed in the
MnGaGe series. Even the enhancement of magnetization is slight, TC being
enhanced by about 40 K for replacement of 20% Mn by Cr. To focus on the
relationship between TC and lattice parameters, that is, distance between Mn atoms
or Mn layers, the data are summarized in Fig. 4.4 [20]. The figure indicates lattice
parameters a and c as functions of TC for the MnAlGe and MnGaGe series.
Although lattice parameter a is almost constant, it seems that TC increases with an
increase of lattice parameter c. This would mean that the exchange interaction is
governed by the distance between Mn layers. Another effective way to investigate
the relationship between TC and the atomic distance is to confirm TC under pressure.
The effect of pressure on TC has been reported by Kanomata et al., although the
results are opposite to the presented ones [21]. They measured TC as a function of
pressure and obtained the value of the pressure coefficient of TC: dTC/dP = 3.2 K/
GPa. This means that TC increases with applied pressure. During the experiments,
however, the pressure was applied hydrostatically, and thus not only the c-axis but

Fig. 4.3 Thermomagnetization curves measured under a magnetic field of 1 T for (Mn0.8Cr0.2)
GaGe, MnGaGe, and (Mn0.8Fe0.2)GaGe compounds. The Curie temperature TC is indicated by
arrows. Reprint from Ref. [20], Copyright 2014, with permission from IEEE
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also the a-axis shrunk. Kanomata et al. also investigated pressure effects on the
lattice parameters and obtained linear compressibility of 2.3 and 2.9 � 10−3/GPa for
the a-axis and the c-axis, respectively [22]. This result indicates that the com-
pressibility of the two axes is of the same order. A change of the lattice parameter a,
that is, the Mn–Mn atomic distance should be taken into consideration when dis-
cussing magnetic properties.

At the end of the present chapter, we have added some comments on the
magnetic anisotropy in MnAlGe. Magnetic anisotropy of magnetic materials gen-
erally originates from two contributions, that is, magnetic dipole–dipole interaction
and single ion spin energy in the crystalline field. These interaction energies have
been roughly estimated by magnetic measurements of a MnAlGe single crystal
[13]. The dipole–dipole interaction energy has been considered to have a negative
value from ground state up to TC and it is one order smaller than the uniaxial
magnetic anisotropy constant. Therefore, it is considered that the main part of the
magnetic anisotropy energy would be due to single ion spin energy. Recently,
magnetocrystalline anisotropy has been theoretically calculated in MnAl and MnGa
with an L10-type structure [23]. Although their crystal structures are different from
MnAlGe with the Cu2Sb type, they are similar to the concept of Mn-based layered
compounds. Theoretical studies have reported that the magnetic anisotropy energy
would originate from the favorable electronic structure of MnAl and MnGa. That is,
the hybridization through spin–orbit interaction between the occupied and unoc-
cupied 3d states located near the Fermi energy dominates the magnetic anisotropy
energy [23]. The density of states for MnAlGe and MnGaGe has been reported by
Motizuki et al., who pointed out that the hybridizations between Mn-3d and
Al-3p or Ge-4p states are not so strong and that a large spin splitting occurs only for
the Mn-3d bands [24]. In order to enhance the magnetic anisotropy energy in
Mn-layered compounds, Mn-3d states may need some itinerant character. However,
in such case, the magnetic moment of Mn becomes smaller than that expected from
a localized Mn atom. In this situation, materials with a large magnetic anisotropy
energy and a small magnetic moment are preferable in the field of spintronics but

Fig. 4.4 Lattice parameters
a and c as functions of the
Curie temperature, TC for
MnAlGe and MnGaGe series.
Reprint from Ref. [20],
Copyright 2014, with
permission from IEEE
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not suitable as alternative materials for permanent magnets. A singular situation
may be necessary to provide both large magnetic anisotropy and high magnetization
in Mn-based layered compounds.

4.3 In-Magnetic-Field Annealing of MnBi

Ferromagnetic compound MnBi with a hexagonal NiAs-type structure also has a
large magnetic moment and a high Curie temperature. The magnetic moment has
been reported to be 3.9 lB/Mn at 0 K [25]. The Curie temperature was 628 K due to
the first-order magnetic phase transition from ferromagnetic MnBi to paramagnetic
phase. The high-temperature phase with paramagnetism has been reported to have a
distorted Ni2In structure [26]. The composition of the high-temperature phase was
Mn1.08Bi, slightly different from the low-temperature MnBi phase [27]. The
extrapolated Curie temperature of the MnBi phase has been reported to be 720 K
[28, 29]. It should be noted that MnBi has a positive thermal coefficient of magnetic
crystalline anisotropy Ku, which has a peak of *2.3 MJ/m3 over 500 K [30, 31].
First-principle calculation for MnBi was performed, resulting in improvement of Ku

by substitution of Sn [32]. As MnBi has a high Ku above room temperature, MnBi/
NdFeB and MnBi/SmFeN hybrid magnets have so far been evaluated [33–35]. It is
reported that the substitution of MnBi for NdFeB partially recovered the decrease of
coercivity above room temperature [33].

It is difficult to obtain a single MnBi phase due to the segregation of Mn.
Unreacted Mn and Bi critically decrease the magnetization of Mn–Bi. For syn-
thesizing a high fraction of the MnBi phase, various preparation methods have been
performed. For example, Yoshida et al. synthesized MnBi by arc melting in He gas
[36]. In other studies, amorphous Mn–Bi was prepared by rapid solidification [37–
39]. The fraction of crystallized MnBi phase from an amorphous Mn–Bi was over
95 wt.% [37]. The obtained grain size of crystallized MnBi was 20–30 nm, resulting
in a high coercivity of 25 kOe at 540 K [38]. Yang et al. performed magnetic
separation of ferromagnetic MnBi, diamagnetic Bi, and paramagnetic Mn [40].
Recently, a MnBi phase prepared by hot compaction, and high coercivity of Hc >
30 kOe above 450 K was obtained [41]. On the other hand, processing in a mag-
netic field influences the functions of the materials. Magnetic field processing has
realized three-dimensional orientation of materials [42, 43], growth of larger single
crystals of silicon, and so on.

In the case of ferromagnetic materials, the ferromagnetic phases with large
magnetization stabilize under a magnetic field by the gain of Zeeman energy,
examples being change of phase equilibrium of the Fe–C system [44–46] and the
Bi–Mn system [47, 48]. In addition, the diffusion coefficient and the morphology,
such as crystal orientation, the grain alignment, grain size, and so on, were con-
trolled by annealing under a magnetic field. For example, the suppression of the
diffusion coefficient of carbon in iron has been reported [49]. In other studies, the
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in-field annealing improved the coercivity field of Nd–Fe–B permanent magnets
[50] and the magnetostriction of the TbFe2-based alloys [51].

In-field heat treatments for synthesizing Bi–Mn have also been performed
[52–55]. The morphology of Bi–Mn alloys is also influenced by in-field annealing,
resulting in uniaxial aligned and coarsened ferromagnetic MnBi grains in the
Bi-rich matrix [53–55]. These magnetic field effects were explained by uniaxial
crystallization of the MnBi phase and rotation of the ferromagnetic MnBi grains in
a Bi-rich matrix under a magnetic field [55].

In this section, among the recent techniques for synthesizing MnBi, the in-field
reactive sintering method is described for solid-state sintering (Mn solid + Bi
solid ! MnBi) and liquid-state sintering (Mn solid + Bi liquid ! MnBi) [56–58].
These in-field syntheses were carried out at 523 K and 533 K, which were just
below the eutectic point of Bi–Mn system and just above the melting point of
Bismuth, respectively. For performing reactive sintering in a magnetic field, the
sample was heated in an electric furnace utilized for the cryogen-free supercon-
ducting magnet. Details of the electric furnace for in-field annealing can be found in
Ref. 59.

Figure 4.5 shows X-ray diffraction patterns of bulk samples sintered at 15 T for
1 day in solid- and liquid-state reactions [58]. 00l diffraction of the MnBi phase was
strongly observed for both in-field sintered samples. The obtained fraction of the
MnBi phase is 82 wt.% for the solid-state reaction and 71 wt.% for the liquid-state
reaction. On the other hand, the fraction of MnBi phase obtained by the solid-state
reaction in a zero field was only 9 wt.%. As mentioned above, a high fraction and
highly oriented MnBi phase can be obtained by in-field reactive sintering.
Furthermore, in-field reactive sintering realized enhancement of the reaction [58].

Figure 4.6 shows typical magnetic properties of in-field sintered samples [58]. In
both curves, anisotropic magnetic properties can be clearly observed. The easy axis
is parallel to the thickness of the pellet, which is parallel to the c-axis of the
hexagonal structure. Thus, in-field heat treatment realized anisotropic magnetic
properties due to the synthesis of the uniaxial-oriented crystal.

Fig. 4.5 Bulk X-ray
diffraction patterns of Bi–Mn
samples sintered by
solid-state sintering (a) and
liquid-state sintering (b). The
inset figure indicates the
relationship between the
sample, the scattering vector
of X-ray, and the direction of
annealing field Ba. Reprint
from Ref. [58], Copyright
2016, with permission from
AIP Publishing LLC
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As described above, the effects of the magnetic field on reactive sintering from
Mn and Bi powder were found to be as follows:

(1) Enhancement of reactions.
(2) Synthesis of the uniaxial-oriented MnBi phase.

The origin of the magnetic field effects for the reaction in the Bi–Mn system was
not investigated in detail. However, it is expected that the in-field annealing will be
one of the methods for preparing the anisotropic ferromagnetic bulk materials.
Although the in-field reaction realized the synthesis of the uniaxial-oriented MnBi
phase, magnetic properties need to be improved. For example, as seen in Fig. 4.6,
the coercivity is low. Magnetic properties heavily depend on morphology, such as
grain size, crystal orientation, and so on. These morphologies depend on the size of
the raw powder, annealing temperature, and annealing time. Thus, the optimization
of experimental conditions is required to improve the magnetic properties of MnBi.
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Chapter 5
Functional Materials Developed in IMR

Fengxiang Qin, Zhenhua Dan, Wei Zhang, Soyalatu, Mitsuo Niinomi,
Takeyuki Nakamoto, Takahiro Kimura and Takashi Nakajima

Abstract In this chapter, three functional materials developed in IMR are intro-
duced. The first one is nanoporous metals produced by dealloying Ti-based
amorphous alloys. Its process and surface analyses are briefly described. Moreover,
Zr-based Zr–Ti gradient material as a biocompatible material is introduced and its
microstructure and mechanical properties are summarized. Finally, the Fe–Co alloy
thin films were prepared to apply for energy harvesters and their magnetostriction is
briefly summarized.

Keywords Nanoporous material � Metallic glass � Catalyst � Biocompatible
material � Gradient material � Magnetostriction
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5.1 Nanoporous Metals

Fengxiang Qin, Zhenhua Dan and Wei Zhang

Recently, the nanoporous materials have been the focus of much attention due to
their potential in various applications, but especially as catalyst, sensors, and
actuators [1–3]. The dealloying process, the selective dissolution of a less noble
alloying element in an aqueous solution, was found to be an effective method of
fabricating nanoporous metals such as copper, silver, gold, platinum, etc. [4]. The
dealloying processes are impacted by many parameters, such as the alloy compo-
sitions, the solution composition and temperature, and the treatment time [4–6].
Amorphous alloys can be characterized by their disordered atomic-scale structure
and an absence of the grain boundaries and weak spots typical of crystalline
materials [7, 8]. Therefore, there are high expectations of amorphous alloys as
metals which, due to the homogeneity in the matrix, are likely to be able to form
uniform nanoporous structures more readily than crystalline alloys. The selection of
an appropriate electrolyte for dealloying is of critical importance. Monolithic
nanoporous copper was fabricated from crystalline Al–Cu [4], Mn–Cu [9, 10], and
Al–Zn–Cu [11]. The dealloying process has not been used to fabricate a nano-
porous Cu structure using the binary Ti–Cu amorphous alloy system. For reactions
with Ti-based materials, fluoride ions seem effective [12] since the solubility of
CuF2 chemicals was reported as 0.075 g/100 g H2O [13], which is much lower than
that of TiF4 or [TiF6]

2− species. From an electrochemical perspective, the standard
electrode potentials of Ti and Cu (−1.630 V versus the standard hydrogen electrode
(SHE) for Ti/Ti2+ and 0.342 V vs. SHE for Cu/Cu2+) differ as much as 1972 mV
[13], which promises to be a great driving force for dealloying Ti from binary Ti–
Cu alloys. Meanwhile, the Ti–Cu melt-spun ribbons are in a chemically and
physically homogeneous amorphous state. It is therefore expected that homoge-
neous nanoporousity can be formed without preferential dissolution, and that by
dealloying amorphous binary Ti–Cu alloys in HF solutions. In this chapter, we
report the fabrication of nanoporous copper (NPC) from binary Ti–Cu amorphous
alloys. The starting material, amorphous binary TixCu100-x (x = 30, 40, 50 and 60
at.%) alloys, was immersed in an HF solution under a free corrosion condition. The
concentrations of HF solution were 0.027 M (pH 3.3), 0.133 M (pH 2.9), and
0.651 M (pH 2.6), hereafter referred as Sol-1, Sol-2, and Sol-3, respectively.

5.1.1 Morphology of As-dealloyed Ti–Cu Alloys

As previous work presented, as-spun Ti40Cu60, Ti50Cu50, and Ti60Cu40 ribbons are
amorphous state by the identification of XRD technique [14]. Figure 5.1 shows the
nanoporous structure of as-spun Ti50Cu50 ribbons after 600 s, 1.8 ks, 3.6 ks, and
10.8 ks of immersion in Sol-1, Sol-2, and Sol-3. After 600 s of immersion, pores a
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few tenths of nanometers in size were formed except where there were some
crack-like voids a few hundred nanometers in length due to the selective leaching of
Ti-rich elements. After 1.8 ks of immersion, a structure similar to an interpenetrated
bicontinuous mode was formed. The porous structure formed in all three dimen-
sions due to the successive dealloying in the depth directions.

After 600 s, 1.8 ks, 3.6 ks, and 10.8 ks of immersion in Sol-2 (Fig. 5.1b1–4), the
length scales of the bicontinuous ligaments increased from several tenths nanometers
to hundredths nanometers. The larger pores in Sol-3 than those in Sol-1 and Sol-2
can be attributed to the difference in the concentration of the HF solutions. The NPCs
formed in three solutions are similar in morphology and the length scale of the

Fig. 5.1 SEM morphology of as-dealloyed Ti50Cu50 ribbon treated in Sol-1 a after 600 s (a1),
1.8 ks (a2), 3.6 ks (a3), and 10.8 ks (a4); in Sol-2 b after 600 s (b1), 1.8 ks (b2), 3.6 ks (b3), and
10.8 ks (b4); in Sol-3 c after 600 s (c1), 1.8 ks (c2), 3.6 ks (c3), and 10.8 ks (c4) under an
open-to-air free corrosion condition at 298 K. Reprinted from Ref. [14], Copyright 2012, with
permission from Elsevier
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Fig. 5.2 SEM morphology of as-dealloyed Ti60Cu40 ribbons immersed in Sol-1 (a1) and Sol-2
(a2), Ti50Cu50 in Sol-1 (b1) and Sol-2 (b2), Ti40Cu60 in Sol-1 (c1) and Sol-2 (c2), and Ti30Cu70 in
Sol-1 (d1) and Sol-2 (d2) for 43.2 ks at an open-to-air free corrosion condition. Reprinted from
Ref. [14], Copyright 2012, with permission from Elsevier
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ligament of the NPC is larger in more concentrated HF solutions. Figure 5.2 shows
the morphology of as-dealloyed TixCu100-x (x: 30, 40, 50, and 60 at.%) ribbons after
immersion in Sol-1 and Sol-2 for 43.2 ks. The as-dealloyed Ti–Cu ribbons are
porous with some Cu nanoparticles at the edge of the pores with sizes ranging from
several tenths of nanometers to few hundred nanometers, marked by the arrows in
Figs. 5.1 and 5.2. Those Cu nanoparticles might be due to the rearrangement of the
dissolved Cu atoms during the dealloyings [15]. Despite the monolithic character-
istic, the NPC ribbons are brittle, and are commonly curly. The as-dealloyed ribbons
exhibit an open, bicontinuous interpenetrating ligament-channel structure with
length scales of one to several hundred nanometers in Sol-2. The cross-sectional
views show the NPCs were three-dimensional structures, and the size of the pores of
the NPCs decreased as atomic ratios of the Cu in the Ti–Cu ribbons increased.
Moreover, the cross-sectional view of the pores shows an increase in size with
increased concentrations of the HF solutions. In the case of the Ti30Cu70 ribbons
treated in Sol-1, the NPCs were not obtained and the precipitation on the surface
occurred. When the titanium atoms in the surface region were dissolved out during
dealloying, the residual Cu has the smaller difference in the standard electrode
potentials between the NPC and Cu electrode. The dealloying reactions hardly
proceeded further to leach Ti atoms in the inner Ti30Cu70 matrix due to the depri-
vation of the large difference in the standard electrode potentials.

5.1.2 Characteristics of As-dealloyed Ti–Cu Alloys

Figure 5.3a, b, c shows the bright-field TEM images, selected-area diffraction
patterns (SADP), and the high-resolution TEM (HR-TEM) image of as-dealloyed
Ti50Cu50 ribbons immersed in Sol-2 for 43.2 ks. The three-dimensional bicontin-
uous porous structure is clearly visible, and the pore size varies from a few tenths of
nanometers to several hundred nanometers. Meanwhile, some nanoparticles with
several tenths of nanometers in size can be observed outside the nanopores. As
shown in Fig. 5.3b, the diffraction rings marked at the lower part were assigned to
Cu (111), (200), (220), and (311). On the other hand, those marked at the upper part
were assigned to Cu2O (110), (111), (200), (211), (220), and (311). The amount of
Cu2O species was small due to the weak intensity of the corresponding diffraction
rings. Summarily, the SADP proved that the as-dealloyed ribbons are consisted of
face-centered cubic (fcc) Cu and small amount of Cu2O. The HR-TEM image
shows that the NPCs have a polycrystalline structure, indicating the original Cu
atoms were rearranged to form a crystalline structure as they were dealloyed [15]. In
order to confirm the elements state before and after immersion in HF solutions, XPS
analysis was performed. The results are shown in Fig. 5.4 and Table 5.1. The XPS
spectra from the native surface of the as-spun Ti50Cu50 ribbon over a wide binding
energy region exhibited peaks of carbon, oxygen, titanium, and copper. The C1s
peaks were so-called contaminant carbon on the top of surface of the sample. All
the oxygen came from surface oxide. The O1s spectra measured were composed of
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two peaks at 529.8 and 531.2 eV, which were assigned to OM oxygen and OH
oxygen, respectively. The OM oxygen denotes oxygen with a Ti–O bond. As
shown in Fig. 5.4, peaks at 932.4 and 952.2 eV are observed on the Cu 2p spectrum
region, without a satellite peak between the 2p3/2 and 2p1/2 peak which is the
characteristics of the peak for oxidized Cu, indicating that Cu exists in metal state.
The Ti 2p spectra are composed of two main peaks, which are identified as Ti 2p1/2
and Ti 2p3/2, mainly originating from TiO2 (as shown in Fig. 5.4 and Table 5.1).
After immersion in Sol-2 for 43.2 ks, in survey spectrum, no titanium peak was
detected, meaning that all titanium was dealloyed completely during the process of
immersion. A weak satellite peak can be observed between Cu 2p3/2 and 2p1/2 and
the small amount of Cu was oxidized to be CuO. However, the amount of Cu2O
was relatively higher than CuO, but it is very limited compared to the Cu metal. As
shown in Fig. 5.3, it is known that the as-dealloyed Ti50Cu50 composed of fcc Cu
phase and Cu2O. These Cu2O and CuO are believed originating from oxidization of
the outer surface due to the large surface area of nanoporous structure. In addition,
no fluoride species were detected on the surface of the as-dealloyed Ti–Cu ribbons
by XPS analysis, which indicates that the fluoride ions combined with Ti4+, O2− to
form the highly soluble species.

Fig. 5.3 Bright field TEM image (a), SADP (b) and high-resolution TEM images (c) of
as-dealloyed Ti50Cu50 ribbon treated in Sol-2 for 43.2 ks at free corrosion conditions at 298 K.
Reprinted from Ref. [14], Copyright 2012, with permission from Elsevier
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5.1.3 Discussion

The as-spun Ti50Cu50 ribbons were also immersed in 1 M HCl and 1 M HNO3

solutions for 1296 ks under free corrosion conditions at 298 K. No porous struc-
tures were obtained, and the ribbons were locally attacked with a few
micrometer-ordered pits formed. On the whole, Ti50Cu50 alloy showed high sta-
bility in HCl and HNO3 solutions. The presence of a native TiO2 layer, confirmed
by XPS analysis, can be assumed to have protected the substrate from the corrosion

Fig. 5.4 Cu (a) and Ti (b) XPS peaks of as-spun Ti50Cu50 ribbon before (I) and after
(II) dealloying in Sol-2 for 43.2 ks. Reprinted from Ref. [14], Copyright 2012, with permission
from Elsevier

Table 5.1 Ratios of the corresponding Cu2p3, Ti2p, O1s, and C1s of as-spun Ti50Cu50 ribbons
and as-dealloyed Ti50Cu50 ribbons treated in Sol-2 for 43.2 ks. Reprinted from Ref. [14],
Copyright 2012, with permission from Elsevier

As-spun Ti50Cu50 As-dealloyed Ti50Cu50
Name At. Conc. % Mass Conc. % At. Conc. % Mass Conc. %

Cu2p3 1.87 6.02 11.17 37.97

Ti2p 14.78 35.83 0 0

O1s 36.91 29.9 23.18 19.84

C1s 46.44 28.25 65.65 42.19
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attack of Cl− and NO3
− ions. It can be concluded, therefore, that the hydrofluoric

acid played a key role in a breakdown of the barrier of the native Ti2O layer and
further dissolution of the Ti elements existing in the binary Ti–Cu alloys. After the
dissolution of the native oxide layer is completed, HF solution reacts with Ti atoms
in the Ti–Cu clusters. The Ti atoms reacted with abundant HF species to form TiF4
and hydrogen gas, and then the TiF4 continued reacting with F− ions to form the
water-soluble [TiF6]

2− species [16]. As the Ti atoms gradually dissolved from the
Ti–Cu clusters, the Cu atoms rearranged to form the NPCs with a nanoscaled fcc
structure. Chen et al. [11] reported the fabrication of NPCs from Cu30Mn70 ribbons
succeeded in HCl solutions. The different reactions occurred to Mn and Ti alloying
metals resulted from the different stabilities of the binary alloys in HCl and HF
solutions, which was actually determined by the nature of the native oxide layer on
the initial surface. The selection of the treatment solutions should be considered
from the perspectives of the dissolution of the protection layers. Nanoporous copper
reduced from an amorphous Ti–Cu alloy with a high surface area has potential
applications as catalysts or sensors.

In conclusion, binary amorphous TixCu100-x (x = 30, 40, 50, and 60 at.%) alloys
were prepared by arc melting and the melt-spun method. As-spun ribbons were
dealloyed in various concentrations of HF solutions for different immersion times.
An interpenetrating three-dimensional bicontinuous nanoporous structure of copper
was formed after dealloying. The pore size is from tenths of nanometers to hun-
dredths of nanometers, depending on the alloy composition, HF concentration, and
the treatment time. Fluoride ions played a key role in dissolving the native TiO2

oxide layer and forming highly soluble [TiF6]
2− species. This method of fabricating

nanoporous copper from homogeneous amorphous binary Ti–Cu alloys is consid-
ered effective for preparation of nanosized catalysts.

5.2 Zr-Based Zr–Ti Gradient Material Fabricated
by Selective Laser Melting Process for Bone Plate
Applications

Soyalatu, Mitsuo Niinomi, Takeyuki Nakamoto and Takahiro Kimura

5.2.1 Introduction

Ti and its alloys are candidate materials for preparing bone plates because of their
good mechanical properties, outstanding corrosion resistance, and good biocom-
patibility, which result in tight bonding with newly formed bone [17, 18]. However,
implanted bone plates must sometimes be removed after healing of the bone
fracture. In such cases, the addition of a zirconium coating to Ti and Ti alloy bone
plates is useful because Zr prevents tight bonding with bone [19]. Recently, additive

96 F. Qin et al.



manufacturing (AM) has received attention as a method of fabricating coatings [20].
In the present study, fabrication of Zr-based Zr–Ti gradient material for the use in
bone plates via SLM is investigated.

5.2.2 Zr-Based Zr–Ti Gradient Material Fabricated
via SLM

In this study, Ti plates were prepared along with the Zr powder (average particle
diameter of <32 lm) used to coat them. Ti/Zr composites were fabricated via SLM.
The microstructures were characterized via using a scanning electron microscopy
(SEM) and an electron backscatter diffraction (EBSD, Quanta 200 3D SEM-TSL)
analysis. The hardness of the composites was evaluated using a nanoindentation
tester. Optical microscopy (OM) and SEM micrographs of the top surface of a Ti/Zr
composite fabricated via SLM are shown in Fig. 5.5. The images show fully dense,
layered martensitic structures. Figure 5.6 shows SEM images and electron probe
microanalyzer (EPMA) element maps of a vertical cross section of the track created
by a laser beam in the top layer. The concentration of Ti and Zr vary gradually
because of fusion. Laser melting affects only the top layer of Zr. This first layer also
exhibits a martensitic structure, as shown in Fig. 5.5c. As shown in Fig. 5.7a, this
martensitic state is also confirmed by EBSD inverse pole figure (IPF) maps of the
vertical cross section of the Ti/Zr composite. This first layer is important with regard
to Zr coating, as previous researchers have reported that Ti coatings on Co–Cr
substrates show cracks in the interfacial region [21]. In this study, no crack is shown
in the Ti/Zr composite material (Fig. 5.6a, b), because Zr forms a substitutional solid
solution with Ti and the two elements have similar physical properties.

Figure 5.8 shows the Vickers hardness of the top layer of the Ti/Zr composite.
This martensitic structure exhibits higher Vickers hardness than that of the matrix,
and has no micro-cracks. This study examines one layer of melted Zr on Ti plate,
but and the SLM technique can easily repeat deposition. It means that further
several layers of pure Zr can be fabricated on Ti. The SLM method can fabricate
gradient functional implant devices, and the fabricated Zr–Ti gradient material may
be useful in applications that require a removable bone plate.

Fig. 5.5 a Optical microscope image of top surface of Ti/Zr composite, b SEM low magnified
image of Zr coating layer, and c SEM magnified image of b showing its microstructure
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Fig. 5.6 SEM image and EPMA element maps of vertical cross section of Ti/Zr composite:
a SEM image, b COMPO SEM image, c Zr element map, and d Ti element map

Fig. 5.7 a EBSD IPF maps of the vertical cross section of Ti/Zr composite and b grain map of the
same region
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5.2.3 Summary

In this work, a Zr-based Zr–Ti gradient material was fabricated via selective laser
melting (SLM). A single layer of Zr fabricated by SLM on Ti plate has been
examined in this study, but the SLM technique can easily repeat deposition. It means
that further several layers of pure Zr layer can be fabricated on Ti. Thus, this SLM
method can be employed to fabricate gradient functional bone plates.

5.3 Magnetostrictive Fe–Co Alloy Thin Film

Takashi Nakajima

There has been strong interest in developing magnetostrictive thin films for novel
sensors, actuators, and vibration energy harvesting devices [22–24]. Rare-earth-
based magnetostrictive materials, represented by Terfenor-D (Tb–Dy–Fe), have
played a key role for developing such applications owing to their large magne-
tostriction of more than 2000 ppm [25–30]. However, there has also been demand
for establishing rare-earth-free magnetostrictive materials.

In recent years, the strong magnetomechanical coupling originating from the
heterogeneity at the phase boundaries of Fe-based alloys has attracted great research

Fig. 5.8 Vickers hardnesses of Ti/Zr composite layers evaluated via nanoindentation testing
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interest. Hunter et al. prepared compositional gradient Fe–Co alloy thin films using
a combinatorial sputtering technique, and they found significant magnetostriction
enhancement at the (fcc + bcc)/bcc phase boundary [31]. The effective magne-
tostriction was 260 ppm for an Fe34Co66 thin film quenched from 1073 K, and the
intrinsic magnetostriction of the ideally oriented film was estimated to be more than
1000 ppm. Yamaura et al. reported the effect of the forging and cold rolling for the
bulk Fe–Co alloy [32]. The as-forged Fe–Co with the Co content of 75 at.% alloy
reached the largest magnetostriction of 108 ppm, and subsequent cold-rolling
treatment further increased the magnetostriction up to 140 ppm. The enhancement
of the magnetostriction was also interpreted by the interfacial effect at the (fcc +
bcc)/bcc phase boundary and crystal orientation. In this section, we report on the
annealing temperature dependence of the magnetostriction of Fe–Co alloy thin
films to focus on the interfacial effect on magnetostriction [33].

Fe–Co alloy thin films were sputter deposited on quartz glass substrates. The
substrates were 20 mm long, 5 mm wide, and approximately 60–70 lm thick for
inducing the appropriate strain. The films were fabricated at a substrate temperature
of 623 K under an Ar pressure of 1.0 Pa and a sputtering power of 100 W. The
composition of the films was chosen to be Fe32Co68 in order to obtain an fcc and/or
bcc phase by annealing between 673 and 1173 K [34]. The samples were annealed
at various temperatures for 60 min in an evacuated glass tube and quenched by
immersing the tube in ice water.

Figure 5.9 shows the phase diagram [34] and XRD patterns of the Fe–Co alloy
thin films quenched from various temperatures. The crystalline phase of the Fe–Co
alloy thin films was examined by XRD patterns as shown in Fig. 5.9b. A bcc single
phase was observed when the annealing temperature was less than 1093 K. As the
temperature increased, the crystal structure exhibited a coexisting phase of bcc and
fcc between 1113 and 1143 K and fcc single phase above 1153 K. Thus, the crystal
structures that are consistent with the conventional phase diagram shown in
Fig. 5.9a are successfully obtained.

The evaluation of the magnetostriction was performed using the cantilever
deflection technique, which allows the magnetostriction k to be determined from
the field-induced bending of the cantilevered sample as shown in Fig. 5.10a [35].
The displacement of the cantilever was induced by an alternating magnetic field
parallel (Hk) and perpendicular (H?) to the in-plane direction of the substrate. The
saturation magnetostriction ks was calculated using the following expression:

ks ¼
ðDsk � Ds?ÞEst2s ð1þ mf Þ

18Ef tf Llð1� msÞ ð1Þ

where Hk and Ds? are the maximum position change of the laser spot on the
position sensitive detector (PSD) induced by Hk and H?, respectively. E is the
Young’s modulus, v the Poisson’s ratio, t the thickness, l the distance between the
clamping edge to the laser spot on the sample, and L the optical travel distance from
the incident point at the sample. The subscripts “s” and “f ” denote “substrate”, and
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“film,” respectively. The magnetostriction for each sample was calculated from the
field-induced butterfly loops as a result of magnetostrictive behavior, as shown in
Fig. 5.10b. Figure 5.10c shows the annealing temperature dependence of ks for the
Fe–Co alloy thin films. As the annealing temperature increased, ks gradually
increased, reaching a maximum of 159 ppm at 1073 K and then it drastically
decreased. The ks of the sample annealed at 1073 K is almost three times larger
than that of the sample annealed at 673 K. As shown in the phase diagram and

Fig. 5.9 a Phase diagram of the Fe–Co alloy and b annealing temperature dependence of XRD
patterns Fe–Co alloy thin films. Reprinted from Ref. [33], Copyright 2014, with permission from
the Japan Institute of Metals and Materials

Fig. 5.10 a Schematic image of the magnetostiction measurement. b Magnetostrictive behavior
as detected by cantilever deflection method. c Annealing temperature dependence of magne-
tostriction of Fe–Co alloy thin films. Reprinted from Ref. [33], Copyright 2014, with permission
from the Japan Institute of Metals and Materials
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XRD results, it is clear that ks is greatly enhanced near the bcc/fcc coexisting phase.
The ks decreased with increasing the fcc phase, and the tendency is consistent with
the results of bulk samples [32]. It is reported that the ks of Fe–Co alloy with single
fcc phase exhibited negative magnetostriction. Therefore, the excessive fcc phase
should cancel the net magnetostriction.

The origin of the magnetostriction enhancement in Fe–Co alloy is considered to
result from the reorientation of the tetragonal precipitates at the (fcc + bcc)/bcc phase
boundary [31]. If it is true, we can see the inhomogeneous magnetic microstructure at
the phase boundary. Then, we conducted magnetic force microscopy (MFM) mea-
surements to investigate the magnetic microstructure. Figure 5.11a is the superposed
image of the AFM and MFM images of the sample annealed at 1093 K. The AFM
image was obtained by tapping mode for the first scan and the MFM image was
obtained for the second scan by monitoring the phase shift in the resonant cantilever
oscillation, keeping the cantilever height constant above the sample surface config-
uration. As shown in Fig. 5.11a, the image exhibits an inhomogeneous contrast near
the grain boundaries. As seen in the line profile of the height and the phase shift
shown in Fig. 5.11b, the height and phase shift were not identical. The degree of the
phase shift provides information on the magnetic field gradient between the can-
tilevered tip and the Fe–Co surface. Therefore, these results suggest that the local
magnetization is enhanced around the grain interfaces of the Fe–Co alloy thin film.
The magnetization increase at the grain boundaries serves as strong evidence for the
presence of inhomogeneous crystal structure including the tetragonal precipitates,
which supports the magnetic domain rotation model as the mechanism for the
magnetostriction enhancement of the Fe–Co alloy system.

Fig. 5.11 a Superposed image of AFM and MFM images of Fe–Co alloy thin film annealed at
1093 K. b Profiles of height and phase shift upon dashed lines in a. Reprinted from Ref. [33],
Copyright 2014, with permission from the Japan Institute of Metals and Materials
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Chapter 6
Exotic Crystal Structures and Electronic
Structures in Novel Structured
Inorganic Materials

Toshio Kamiya, Hidenori Hiramatsu, Keisuke Ide, Takayoshi Katase
and Hideo Hosono

Abstract Ionic materials like oxides have a variety of crystal/atomic structures
owing to the coexistence of long-range Coulomb interaction and short-range
covalent bonds, which often produce natural nanostructures embedded in their
crystal structures. Such structures and materials can be sources of unusual electronic
structures and nonconventional materials properties and functions. This chapter
reviews such exotic crystal structures in relation to their electronic structures and
properties. It will be discussed for what applications such oxides can have
advantages over the conventional functional materials such as Si.

Keywords Ionic crystal � Natural nanostructure � Ionic bonds � Covalent bonds �
Low dimensional electronic structures

6.1 Introduction

Oxide functional materials are now employed in many commercially available prod-
ucts. For example, transparent conductive oxides (TCOs) such as ITO (In2O3:Sn),
GZO (ZnO:Ga), and FTO (SnO2:F) are used as transparent electrodes in thin film solar
cells, touch panels, and flat-panel displays (FPDs). Piezoelectric oxides are used
in nanometer-controllig actuators as in atomic force microscopes, and gyro sensors
and accelerometer sensors in smart phones, ferroelectric oxides are used as ferroelectric
randomaccessmemory inSony’s FeliCa cards, electrochromicoxides are used in a part
of anti-dazzle car mirrors, and high-K dielectrics are used in Si ULSI circuits and chip
capacitors. Among them, the most successful one is amorphous oxide semiconductor
(AOS) [1–3] thin-film transistors (TFTs) now employed in many flat-panel displays
ranging from very high-resolution liquid crystal displays to large size (up to 88 in.
diagonal prototype as of 2018) organic light-emitting diode (OLED)TVs. Considering
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semiconductor materials, ionic oxide semiconductors have unique properties largely
different from conventional covalent semiconductors such as Si and GaAs.

Here, we like to discuss why the oxide semiconductors can make such better
devices for some purposes than the conventional semiconductor devices. On the
other hand, we should also consider the fact that it would be very difficult to find
such advantages if the targets of the oxide devices are the same as those of the
conventional semiconductors, because their electronic structures are largely differ-
ent, and the ultimate carrier mobility would be smaller for the ionic oxides than for
the conventional semiconductors due to the stronger carrier scattering originating
from polar phonons and also due to the lower symmetry, and more complex
structures. That means, we must reconsider the possibility of functional oxide
materials and find suitable applications according to the electronic structures and
properties inherent to oxides.

The most important features of oxides are associated with a variety of crystal
structures and constituent elements. This wide variety provides many chemical,
optical, electronic, and magnetic functions, which would be favorable for devel-
oping multi-/coupled functional materials and devices. In addition, some oxides
have peculiar nanostructures embedded in crystal structures (e.g., see Fig. 6.1).
These are distinguishing features from conventional semiconductors because Si,
GaAs, GaN, etc. have almost the same crystal structures (remind that zinc blend and
wurtzite-type structures are derivatives of the diamond structure). Although the
present device technology fabricates quantum wells using time and money
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Fig. 6.1 Natural nanostructures in oxide crystals. a Mesoporous crystals, b nanoporous crystals,
and c layered crystals. The right figure in “C12A7” shows a cage structure extracted from the
shadowed area in the left figure. Free oxide ion in the cage is illustrated as a large sphere in the
right figure but neglected in the left figure for simplicity
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consuming artificial superlattice processes, such oxides have natural “quantum
well/dot structures” as seen in Fig. 6.1 and might provide natural systems for the
mesoscopic electronic applications. We also like to note that another important
advantage is related to the strong ionicity of oxides. That is, oxides can have large
electron mobility even in amorphous structures due partly to the strong iconicity,
and also have lower density defects than in covalent amorphous semiconductors
such as a-Si, which will be discussed later on.

6.2 Electronic Structure of Oxides

6.2.1 Formation of Band Gap

The electronic structures of oxides are largely different from those of covalent
semiconductors. For example for Si, conduction band minimum (CBM) and
valence band maximum (VBM) are made of antibonding (sp3 r*) and bonding
states (sp3 r) of Si sp3 hybridized orbitals, respectively, and its bandgap is formed
of the energy splitting of the r* − r levels (Fig. 6.2a). In contrast, as oxides have
strong ionicity, CBM and VBM are usually formed of different ionic species,
respectively. The most important factor to understand electronic structures in ionic
crystals is Madelung potential. When metal atoms and oxygen atoms come close,
charge transfer occurs due to large differences in electron affinities and ionization
potentials, which ionizes these atoms (Fig. 6.2b). The ions form negative electro-
static potential at the cationic sites and positive potential at the anionic sites (this is
the Madelung potential), which consequently stabilizes the charged ion states in the
crystal structure (Fig. 6.2c). Therefore, CBMs are made mainly of the unoccupied
orbitals of metal cation while VBMs of fully-occupied 2p orbitals of oxygen ion in
typical oxides (note that these are not the cases for transition metals, lanthanide, and
actinide; their d and f orbitals may locate near VBM or in the band gap). Main
group oxides have large bandgaps because the large Madelung potential increases
the energy splitting between the metal unoccupied orbitals and the occupied oxygen
2p orbitals.
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Fig. 6.2 Formation of the energy gap in a covalent semiconductor (e.g., Si), and b, c ionic
semiconductors (M2+O2−). b Energy levels of neutral atoms in a vacuum. c The atoms are ionized
in a crystal structure and form large Madelung potential and large bandgap
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For transparent conducting oxides (TCOs) such as In2O3, ZnO, and SnO2,
CBMs are made mainly of s orbitals with a large principle quantum number n (e.g.,
n = 5 for Sn and In). These s orbitals have large spatial size and forms large
hybridization even with second neighbor metal cations, which reduces the electron
effective mass and thus contributes to large mobilities such as >200 cm2/(Vs) in
undoped single crystal TCOs. Such oxides can be a good electrical conductor as
long as high-density carrier doping is possible.

6.2.2 Electron Transport and Defect Levels in n-Type AOSs

The above electronic structure explains the peculiar properties of AOSs. Usually,
amorphous semiconductors exhibit much-deteriorated carrier transport properties
than associated crystalline materials as known in hydrogenated amorphous silicon
(a-Si:H) and chalcogenides. This is because the chemical bonds in the covalent
semiconductors are made of sp3 or p-type orbitals with strong spatial directivity.
Therefore, the strained chemical bonds form rather deep and high-density localized
states (known as Anderson localization) below CBM and above VBM, causing
carrier trapping (compare the real space images of Fig. 6.3a, b). In contrast, as CBMs
of oxides are in general made of spherical extended s orbitals of metal ions, and their
overlaps with neighboring metal s orbitals are not altered largely by disordered local
structures. Electronic levels of CBM are, therefore, insensitive to local strained
bonds, and electron transport is not affected significantly (Fig. 6.3c, d) [2, 4, 5].

Fig. 6.3 Illustrative images of carrier transport paths in a crystalline Si, b amorphous Si,
c crystalline oxide semiconductor, and d AOS

110 T. Kamiya et al.



This chemical bonding view is confirmed by first-principles pseudo-band structure
calculations [6].

Such a view of the electronic structures can also explain the different behaviors
in defects. In covalent semiconductors, a dangling bond forms a nonbonding state
and thus a singly occupied defect level is formed near the middle of the band gap
(compare Fig. 6.4a, b). Such defect level can work both as electron trap and hole
trap and is very serious for electronic devices both for n-type and p-type ones;
therefore, these defects must be reduced, e.g., to <1016 cm−3 for a-Si:H solar cells
and TFTs by hydrogen termination (hydrogen passivation). For oxides (Fig. 6.4c,
d), an oxygen vacancy (VO) would form a metal cation nonbonding state but it
would be located in the conduction band. Such in-band defect level does not affect
most of the semiconductor devices because the Fermi level in those devices are
varied within the band gap. Recent first-principles calculation and experimental
data suggests that VO in some oxide semiconductors such as ZnO and AOSs form
deep electron traps because the VO has rather large free space and forms a quantum
dot-like electronic level in VO, which trap the electrons released by the formation of
the oxygen deficiency [7–10] (such deep electron traps are observed in AOSs by
hard X-ray photoemission spectroscopy [11]). Even in such case, the deep fully
occupied electron trap does not deteriorate the operation characteristics of n-type
devices, and this is actually the case for AOS TFTs [2, 11].

The above explanations are confirmed by the following facts on AOSs. We have
reported that AOSs in Cd–Ge–O and In–Ga–Zn–O systems (a-IGZO) exhibit large
electron Hall mobilities [4, 5]. Figure 6.5a shows electron transport properties of
a-IGZOwith the nominal chemical composition of InGaO3(ZnO)1 in comparisonwith
single crystalline InGaO3(ZnO)1 (sc-IGZO) [14, 15, 12, 13]. Hall mobility increases
with increasing the carrier concentration, and Hall mobilities greater than
10 cm2(Vs)−1 are obtained when carrier concentration exceeds *1018 cm−3. Carrier
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transport is controlled by thermal activation at low carrier concentrations, while
degenerate conduction is attained when the carrier concentration exceeds a threshold
value Nth = 4 � 1018 cm−3 (Fig. 6.5b). Similar behavior is observed in sc-IGZO.
Note that these behaviors are different from conventional crystalline semiconductors
such as Si because carrier mobility usually decreases with increasing carrier con-
centration due to ionized impurity scattering in highly dopedmaterials.We found that
this peculiar behavior is explained by percolation conduction associated with the
carrier transport potential barriers in the conduction band formed by the disordered
structures in sc-IGZO and a-IGZO [16]. Note that sc-IGZO has structural randomness
embedded in its crystal structure as Zn and Ga share the same crystallographic sites,
which causes the amorphous-like carrier transport behaviors.

6.3 Materials Design for Wide Band Gap p-Type
Semiconductors

6.3.1 Guiding Principles for p-Type Transparent Oxide
Semiconductors

In contrast to n-type oxide semiconductors, it is much difficult to attain good p-type
conduction in oxides because hole transport paths in typical oxides are made mainly
of O 2p orbitals (Figs. 6.2c and 6.6a) but they are rather localized. Therefore, hole

a-IGZO (m=1)

sc-IGZO (m=5)

(b)(a) 

Fig. 6.5 a Relationship between Hall mobility and electron concentration measured at room
temperature for sc-IGZO and a-IGZO films. b Temperature dependence of electron mobility and
concentration for a-IGZO films with varied electron concentrations
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effective masses are rather large, and VBM levels are deep. The former results in
small hole mobilities and the latter causes difficulty in hole doping. These are the
reason why only n-type oxides were known for TCOs before 1997.

A way to attain p-type conduction is to increase the dispersion of VBM and also
raise the VBM, which would be achieved by (i) decreasing the nearest neighboring
oxygen–oxygen distance, (ii) using hybridization of metal orbitals whose energy
levels are close to those of O 2p (Fig. 6.6b), or (iii) employing more extended
orbitals for anions (Fig. 6.6c). We adopted the approach (ii) and selected Cu+-based
oxides because the energy levels of Cu 3d are close to those of O 2p levels. In
addition, the closed shell configuration of Cu+ 3d10 was expected not to give optical
absorption due to d–d or O 2p–Cu 3d transitions, and therefore the Cu+-based
oxides meet the requirements of TOS (transparency for visible light). Following this
guiding principle, Profs. Kawazoe and Hosono group found a delafossite-type
crystal, CuAlO2, as the first p-type TOS in 1997 [17], followed by the findings of a
series of p-type TOSs, CuGaO2 [18], and SrCu2O2 [19].

6.3.2 Better P-Type Transparent Oxide Semiconductors:
Layered Oxychalcogenides

However, the hole mobilities and concentrations of the Cu+-based TOSs are far
from satisfactory. Thus, we then extended the guiding principle to the approach
(iii). We employed chalcogenides to form VBM largely hybridized with Cu+ 3d10

orbitals. To satisfy the condition to maintain large bandgaps, we chose layered
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Fig. 6.6 Simplified electronic structures in oxide semiconductors. a Typical n-type oxide. CBM is
composed mainly of metal s orbitals and VBM of O 2p orbitals. b Cu+-based p-type oxides. VBM
is made of hybridized orbitals of Cu 3d and O 2p, which raises the energy level of VBM and forms
more conductive hole transport paths. c Oxychalcogenides. Hybridization of VBM is enhanced by
the intervention of chalcogen p orbitals. The energy level of VBM is raised and the hole effective
mass is reduced as the atomic number of the chalcogenide ion is increased
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oxychalcogenides, LnCuOCh (Ln = lanthanide, Ch = chalcogen) [20]. It is com-
posed of alternate stacking of (Ln2O2)

2+ and (Cu2Ch2)
2− layers along the [001]

direction (Fig. 6.1c). This layered structure would be a key for the wide
bandgap. Simple chalcogenides, Cu2S and Cu2Se, have rather small bandgaps
of *1.2–1.4 eV [17, 18], but, e.g., LaCuOS has a much larger bandgap
of *3.2 eV. As the bandgaps of LnCuOCh are mainly determined by the CuCh
layers (discussed later), this difference in the bandgaps is attributed to the layered
structure, where the low dimensional chemical bonding networks suppress band
dispersions (see Ref. [19] for a similar crystal La2CdO2Se2).

As we expected, LnCuOCh exhibits good p-type conduction. Mobility becomes
larger with an increase in the Se content in LaCuO(S1-xSex). Since Se 4p orbitals
have larger spatial spread than that of S 3p orbitals, hybridization with Cu 3d be-
comes larger and thereby hole mobility increases as the Se content increases
(Fig. 6.7a, b). The largest hole mobility *8 cm2(Vs)−1, which is comparable to
that of p-type GaN:Mg, was obtained in LaCuOSe [20]. Degenerate p-type con-
duction with a moderately large hole mobility of *4 cm2(Vs)−1 was attained in
Mg-doped LaCuOSe. In addition, it was found that excitons were stable even at
room temperature and sharp excitonic photoluminescence (PL) was observed
(Fig. 6.7c) [21].

6.3.3 Two-Dimensional Electronic Structure in LaCuOCh

LaCuOSe has a distinct difference from GaN:Mg. Mg-doping to LaCuOSe
increased the hole concentration up to 2 � 1020 cm−3 and carrier transport changed
to degenerate conduction [22]. We like to note that degenerate p-type conduction
has not been attained in any transparent semiconductors even including GaN:Mg. In
addition, unlike conventional semiconductors, the moderately large hole mobility
(*4 cm2(Vs)−1) and intense PL are maintained even in the heavily doped

Fig. 6.7 Opto-electronic properties of LaCuO(S1−xSex). Temperature dependences of a hole
concentration and b hole mobility of Mg-doped LaCuO(S1−xSex). c Optical absorption and
photoluminescence spectra measured at 10 K for undoped LaCuOSe
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LaCuOSe:Mg, although high-density carriers, in general, reduce carrier mobility
and exciton lifetime.

Optical absorption spectra measured at 10 K (Fig. 6.7c) showed a stepwise
structure with sharp peaks just on the edges of the steps [23]. Such stepwise
structure is similar to those observed in semiconductor artificial superlattices and
would reflect the two-dimensional density of states of LaCuOSe. Ab initio elec-
tronic structure calculations explain well these unusual properties. The band
structure is highly anisotropic and hole effective mass is smaller in the C-X
direction than in the C-Z direction (Fig. 6.8a) [24], which implies the electronic
structure is highly two-dimensional. Projected density of states (PDOS) showed that
the VBM is mainly composed of hybridized orbitals of Cu 3d and Se p orbitals and
the CBM of Cu 4s. Thus, the bandgap is formed almost solely of the CuSe layer. In
contrast, the LaO layer has a larger energy gap than the CuSe layer has (Fig. 6.8b).
This characteristic structure explains the moderately large hole mobility and intense
PL in the heavily doped LaCuOSe:Mg. In LaCuOSe:Mg, Mg ions are thought
doped in the LnO layer. Holes are generated from acceptor levels made from the
Mg dopants, which are then transferred to the CuSe layer because it forms hole
transport paths as seen in the high hole density region illusrated by the white area in
Fig. 6.8c. This electronic structure spatially separates the conducting holes from the
ionized acceptors (Mg2+). As a consequence, carrier scattering is effectively sup-
pressed. That is, a modulation doping structure is naturally formed in the layered
oxychalcogenides. The large exciton binding energy (*50 meV) [21] is also
associated with the hole confinement effect in the two-dimensional CuSe layers.
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Fig. 6.8 Two-dimensional electronic structure in LnCuOSe. a Band structure of LaCuOSe,
b schematic illustration of the electronic structure near the bandgap, and c hole density map
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6.4 Doping

6.4.1 Empirical Doping Limit Rule

To make wide bandgap electronic functional materials, carrier doping is important.
However, it is also known that wider band gap materials are more difficult to dope
carriers. More exactly, wide bandgap materials can dope either only to n-type or
p-type. This would be explained in the band alignment diagram (Fig. 6.9), where
the CBM and VBM levels measured from the vacuum level (EV) are aligned. It tells
that electron doping is easy if the CBM is deeper than 3.8 eV from EV, while hole
doping is easy if the VBM is shallower than 5.7 eV from EV [25]. This doping limit
suggests the maximum band gap for bipolar semiconductors would be limited
to *2.0 eV.

6.4.2 Break the Empirical Doping Limit by Natural
Nanostructure

To overcome the empirical rule, new ideas would be required. An example is the
nanoporous crystal, 12CaO�7Al2O3 (C12A7), shown in Fig. 6.1b. Its cubic unit cell
has a lattice parameter of 1.199 nm and consists of 12 cages (*0.4 nm in inner
diameter, the right figure of “C12A7” in Fig. 6.1b). As the cage framework is
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Fig. 6.9 Band alignment of representative semiconductors to explain empirical doping rule. The
energy is measured from the vacuum level. For comparison, work functions of metals are shown
on the right
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charged positively (the averaged formal charge is +1/3e per cage), 2 cages out of the
12 cages clathrate an O2− ion each (free oxide ions). This exotic structure has led to
the appearance of many new functions by replacing the free oxide ions with other
active anions. Abundant O− ions, which are known as the “strongest oxidant,” are
formed at *2 � 1020 cm−3 if C12A7 is annealed in dry oxygen gas at 600–800 °C
[26]. Substitution of the free oxide ions with hydrogen creates high-density H− ions
in the cages (C12A7:H−). C12A7:H− is an electrical insulator like stoichiometric
C12A7 and C12A7:O−, while it exhibits persistent electronic conduction
(Fig. 6.10a, see “C12A7:H− + UV-irradiated”)) and coloration after irradiated with
UV light (Fig. 6.10b). The conductivity increases to >0.3 Scm−1 (Fig. 6.9a) and
new optical absorption bands appear at the same time at *0.4 and 2.8 eV [27]. It is
recovered to the insulating and colorless transparent state by heating at *350 °C.
Further, it is possible to replace all the free oxygen ions with electrons (C12A7:e−),
which forms a new inorganic electride [28] (“electride” is a crystalline salt in which
stoichiometric amounts of electrons are served as anions [29, 30]). C12A7:e−

exhibits electronic conduction with conductivities greater than 100 Scm−1 without
UV irradiation (Fig. 6.10a, b).

These functions originate from the exotic active anions in the cages of C12A7. It
was found that unusually shallow Madelung potential in the cages stabilizes these
exotic anionic states (see Refs. [31, 32], and Fig. 6.11). Carrier transport mecha-
nism in C12A7:e− was discussed using ab initio embedded cluster calculations and
a polaron conduction mechanism was proposed [33, 34].

The band structure of C12A7:e− calculated by density functional theory
(Fig. 6.12a) shows that the Fermi level (EF) is located at 1–2 eV below the edge of
the fundamental bandgap of the cage framework [35]. The density map of the
encaged electrons (Fig. 6.12b) shows that the electrons are loosely confined in the
cages. Such electronic structure lets us expect that C12A7:e− might have a small
work function and exhibit good electron emission properties. Indeed efficient
electron emission was observed even at room temperature. Field emission-type

(a) (b)

C12A7:e-

C12A7:H-+UV-irradiated

as-prepared C12A7:H-

C12A7:H-+UV-irradiated
2×1019

C12A7:e-

[F+]=2×1021 cm-3 

C12A7:e-

1020

C12A7:e-

2×1018
C12A7:e-

8×1016

Fig. 6.10 Electron conducting C12A7. a Temperature dependences of conductivity, and b UV
light-induced coloration in C12A7:H−
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light-emitting devices displayed bright light emission clearly visible in typical
ambient light (Fig. 6.12c) [35]. The work function was estimated from the electron
emission characteristics provided very small values of *0.6 eV. In contrast,

Total       O e(free) O(free) H(free) 
2p 1s 

a ~ 0.559 nm in C12A7
(=>0.522 nm with e-)

Fig. 6.11 Effect of Madelung potential on the charge states of atoms encaged in C12A7

higher density
(a)

(b)

(c)

Fig. 6.12 Electronic structure of C12A7:e−. a Band structure using the symmetric rigid crystal
structure model. The bands around EF are those of the electrons in the cages. CBM is
located *2 eV above EF. b Density map of the encaged electrons superimposed on the crystal
structure of C12A7:e−. Blue region shows higher electron density areas. c Operation of field
emission display device using C12A7:e− as electron emitter. ZnO:Zn was used for phosphor
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ultraviolet photoelectron spectroscopy gave a larger work function value
of *3.7 eV [36].

On the other hand, it is difficult to use the crystalline C12A7:e− for practical
applications such as displays because its fabrication requires very high tempera-
tures >1000 °C, which is incompatible with the process temperature of FPDs
(usually � 350 °C). For FPD applications, amorphous C12A7:e− is developed, and
applied to OLED [37]. Crystalline C12A7:e− now finds new applications such as
ammonia synthesis catalysts as the forms of, e.g., Ru-loaded C12A7:e− [38].
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Chapter 7
Interface-Related Magnetic Phenomena
in Novel Heterostructures

Tomoyasu Taniyama

Abstract Magnetic properties of materials relevant to the interface or surface
provide a promising artificial material basis for the strategic design of spintronic
devices. Giant magnetoresistance (GMR), spin accumulation, and spin transfer
torque (STT), etc. are typical examples of such interface-related magnetic phe-
nomena. Recent enormous and rapid growth of technology also allows to control
magnetization orientation, magnetic phases, and spin polarization by manipulating
the interface with an electric field without using either a magnetic field or an electric
current. This leads to a drastic reduction in the power consumption. A full
understanding of the interface-related magnetic phenomena is thus of crucial
importance for the development of a major new direction of less energy dissipative
spintronics. In this chapter, selected topics of interface-related magnetic phenomena
and the fundamental physics underlying are described, placing a special emphasis
on electric-field-induced strain transfer effect on the magnetic properties in multi-
ferroic heterostructures.

Keywords Interface-related magnetic phenomena � Spintronic devices �
Electric-field-induced strain transfer � Multiferroic heterostructures

7.1 Introduction

Magnetism is one of the most exciting collective phenomena in condensed matter,
attracting a steadily increasing number of researchers from both fundamental and
application perspectives. This chapter starts with a brief description of the funda-
mentals of magnetism [1]. The principal mechanism of magnetism or various
magnetic orderings, e.g., ferromagnetism, antiferromagnetism, helimagnetism, spin
glass, etc. lies in the exchange interaction between the magnetic moments or spin
angular momentums of constituent atoms in a material. Since the exchange
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interaction Hamiltonian Hex is given by the sum of the scalar product of the
neighboring spins (Eq. (7.1)), the exchange interaction determines the relative
orientation of the magnetic moments so as to minimize the total exchange energy.

Hex ¼ �2
X

\i;j[
JijSi � Sj ð7:1Þ

where Jij is the exchange constant and Si(j) is the spin angular momentum of an
atom labeled by the position i(j). The exchange interaction is also a direct and
straightforward consequence of the combination of the Pauli exclusive principles
and the Coulomb interaction between electrons, clearly indicating that the
geometrical arrangement of the surrounding atomic spins in a material strongly
influences the magnetism. It is therefore intuitively understood that magnetic
properties are extremely sensitive to the atomic arrangement at the interface, and
hence distinct magnetic properties would appear.

There are three magnetic properties that are crucial from the application per-
spective, that is, (1) whether the material is ferromagnetic (FM) or not, (2) which
direction the magnetic moments orient preferentially, and (3) how conduction
electrons with either spin-up or spin-down transport in magnetic materials. Because
almost magnetic applications so far utilize FM materials, stable ferromagnetism is
obviously the first necessary prerequisite. The issue (2) is associated particularly
with magnetic information technology or spintronics, where binary information is
stored in magnetic elements by switching the orientation of the magnetic moments.
The issue (3) is also related to spintronic applications such as GMR or tunnel
magnetoresistance (TMR) in FM/nonmagnetic (NM)/FM trilayered structures and
the high and low resistance states that depend on the relative orientation of mag-
netization of the two FM layers read the binary information in magnetic media. In
this article, my focus is particularly on the issues (2) and (3) in multiferroic
heterostructures since the issue (1) is related to more intrinsic properties of a
material rather than interface properties. However, it is worth noting that FM
ordering has been demonstrated to occur exclusively at the surface of 4d metals
such as Pd and Rh even if 4d metals are paramagnetic in bulk, although it is beyond
the scope of this chapter [1–3].

7.2 Interface-Related Magnetic Anisotropy

7.2.1 Magnetoelastic Anisotropy

As briefly described in the previous section, controlling the magnetization orienta-
tion of an FM material is one of the most important issues for developing novel
magnetic information or spintronic devices. Generally, the magnetization orientation
can be obtained by minimizing the total magnetic free energy F composed of mag-
netocrystalline anisotropy energy, magnetostatic (shape-induced) energy, interface
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anisotropy energy, and magnetoelastic energy [4, 5]. In the Cartesian reference
frame (x1, x2, x3), the total energy is given by Eq. (7.2) as a function of the direction
cosines mi (i = 1, 2, 3) of the unit vector m = M/MS, where M and MS are the
magnetization vector and the saturation magnetization of the FM layer, respectively.

F ¼ K1 m2
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where K1 and K2 are the magnetocrystalline anisotropy constants of fourth and sixth
order at constant strains u, t is the FM layer thickness, Ks is the parameter that
characterizes the sum of the specific interface energies, Ni are the diagonal com-
ponents of the tensor of demagnetizing factors, B1 and B2 are the magnetoelastic
coefficients, and c11, c12, and c44 are the elastic stiffnesses at fixed M. If we assume
a magnetic thin film on a substrate, the crystal symmetry is obviously broken at the
film/substrate interface, clearly giving rise to the interface anisotropy that is first
predicted by Néel (fourth term in Eq. (7.2)) [6]. In addition to the contribution
arising from the symmetry breaking at the interface, a misfit strain locally generated
close to the interface also causes the interface anisotropy. If the misfit strain is
transferred throughout the film, it can be considered as a part of the magnetoelastic
anisotropy terms in Eq. (7.2) (sixth, seventh, and eighth terms).

Figure 7.1a schematically illustrates the interface misfit strain-induced magnetic
anisotropy in the Fe/multi-domain ferroelectric (FE) BaTiO3(001) (BTO(001))
heterostructure, where magnetoelastic anisotropy becomes visible [7–9]. Since BTO
possesses the tetragonal crystal structure with lattice parameters of a = 3.992 Å and
c = 4.036 Å at room temperature, two different domains appear at the interface, i.e.,
a-domains with the rectangular-shaped lattice and c-domains with the square-shaped
one as illustrated in Fig. 7.1b. When an Fe film is grown epitaxially on the surface of
the BTO(001) with the in-plane lattice orientation [110]Fe//[100]BTO, a misfit strain
is transferred from BTO to Fe, thereby the magnetoelastic anisotropy shows up,
according to Eq. (7.2). Figure 7.1c shows the polar plot of the remanent magneti-
zation normalized by the saturation magnetization, representing the in-plane mag-
netoelastic anisotropy [7]. As seen in Fig. 7.1c, the in-plane symmetry of the
remanent magnetization of Fe on an a-domain of BTO is of twofold, while that on a
c-domain is of fourfold. The different magnetic anisotropy on the two domains is
obviously a result of the sixth and seventh terms of Eq. (7.2).

Another example of the magnetoelastic anisotropy can be seen in Cu/Ni multi-
layers on GaAs(100) [10]. Since the lattice parameters of Cu and Ni bulk are 3.615Å
and 3.524 Å, respectively, the lattice misfit between them results in a perpendicular
magnetic anisotropy (PMA) associated with the Néel type interface anisotropy and
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Fig. 7.1 a Schematic illustration of a ferromagnetic/ferroelectric multiferroic heterostructure.
Magnetoelastically induced magnetic anisotropy is depicted as arrows. b Lattice structure of
a-domain and c-domain of BTO. c Normalized remanent magnetization of an Fe layer on an
a-domain (black solid curve) and a c-domain (red dotted curve) of BTO. Reprinted with permission
from [8] Copyright 2012 American Institute of Physics; https://doi.org/10.1063/1.4773482
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Fig. 7.2 Normalized magnetization curves of a [Cu(9 nm)/Ni(2 nm)]5 and b [Cu(9 nm)/Ni
(9 nm)]5 multilayers for both in-plane and out-of-plane magnetic fields. The [Cu(9 nm)/Ni
(2 nm)]5 multilayer shows perpendicular magnetic anisotropy due to tensile misfit strain in the Ni
layers. Reprinted with permission from [10] Copyright 2014 American Institute of Physics;
https://doi.org/10.1063/1.4862969

bulk magnetoelastic anisotropy. Figure 7.2a, b shows the magnetization curves of a
[Cu(9 nm)/Ni(2 nm)]5 multilayer and a [Cu(9 nm)/Ni(9 nm)]5 multilayer. When the
Ni layer is thin enough, the interface-related magnetic anisotropy is greater than the
in-plane magnetostatic anisotropy, leading to a PMA as seen in Fig. 7.2a. In a thicker
Ni layer, on the other hand, the magnetostatic anisotropy dominates the magnetiza-
tion orientation, forcing the magnetization to lie in the plane as shown in Fig. 7.2b.

7.2.2 Unidirectional Anisotropy Due to Exchange
Bias Effect

Interface exchange coupling between an FM layer and an uncompensated antifer-
romagnetic (AFM) layer also induces a different kind of anisotropy [11]. When the
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spin alignment of the AFM layer is compensated at the interface as depicted in
Fig. 7.3a, the averaged exchange coupling energy vanishes, giving rise to no
additional magnetic anisotropy. However, if the AFM layer has the layer-by-layer
alternate AFM arrangement of ferromagnetically aligned monolayers as shown in
Fig. 7.3b, then the exchange coupling at the interface generates an exchange-biased
magnetic field in the FM layer and a shift in the macroscopic magnetization versus
magnetic field curve occurs, accordingly. This is termed exchange bias effect
typically observed in FM/AFM bilayer systems such as Fe/FeRh as shown in
Fig. 7.3c [12]. In a more quantitative manner, Meiklejohn and Bean proposed a
model of exchange bias, in which the exchange bias field HEB is expressed using the
interface energy difference Dr between the opposite orientations of the FM layer in
an FM/AFM bilayer.

HEB ¼ Dr
2MFMtFM

ð7:3Þ

where MFM is the magnetization of the FM layer and tFM is the thickness of the FM
layer. In this model, HEB = 0 for the compensated interface, while the uncom-
pensated interface leads to a nonvanishing HEB = Jex/MFMtFMa

2, where Jex is the
exchange coupling constant and a is the lattice parameter.

7.3 Electric Field Effect on Magnetic Properties

7.3.1 Electric Field Control of Magnetic Domain Walls

In general, an FM material is composed of magnetic domains separated by thin
magnetic domain walls, in which the magnetic moments rotate from the direction in
a magnetic domain to that in the neighboring magnetic domain. Recently, manip-
ulation of magnetic domain walls has attracted great interest for its potential
applications in newly developed spintronic memory devices. A racetrack memory is

(001)

(111)

Fe

Rh

(c)(a)

H

M

H

M

(b)

Fig. 7.3 a Schematic illustrations of an FM/compensated AFM interface and a hysteresis curve
with no exchange bias. b an FM/uncompensated AFM interface and a hysteresis curve with
exchange bias. c Magnetic structure of AFM FeRh with the compensated AFM (001) planes and
uncompensated FM (111) planes. Reprinted with permission from [12] Copyright 2014 American
Institute of Physics; https://doi.org/10.1063/1.4900619
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a typical example, where binary information stored in magnetic domains can be
read by controlling the position of magnetic domain walls in an FM wire via STT or
spin–orbit torque [13]. In order to drive the magnetic domain walls, however,
inevitable energy dissipation occurs due to Joule heating by flowing an electric
current through the FM wire. Hence, another less energy dissipative technology to
drive magnetic domain walls is now an essential prerequisite.

One of the approaches to controlling magnetic domain walls is to use the
magnetoelastic coupling effect at the interface of FM/FE heterostructures [14, 15].
As described in Sect. 7.2.1, a misfit strain at the interface leads to an additional
magnetic anisotropy due to the magnetoelastic energy. If the FE layer consists of
two FE domains with different crystalline symmetries, the interface misfit strain
should divide the FM layer into two FM domains separated by the FM domain wall
that is pinned at the FE domain boundary. This indicates that the FM domain wall
can be manipulated by moving the FE domain boundary by an electric field since
the FM domain wall is pinned at the FE domain boundary while moving. Figure 7.4
depicts the schematic illustration of an Fe/BTO heterostructure, where the Fe layer
has two different FM domains separated by the FM domain wall pinned at the FE
a-c domain boundary. When an electric field is applied to the BTO across the layer
plane, the c-domain starts growing by the sideway movement of the FE domain
boundary, driving the FM domain wall simultaneously. Figure 7.5 demonstrates the
reversible electric-field-driven motion of the FM domain wall of an Fe layer. While
a positive electric field moves the FM domain wall upward, a negative electric field
moves it downward. The reversible motion of the FM domain wall can be achieved
by driving the FE a-c domain boundary without using electric currents, allowing to
develop FM domain-wall-related spintronic devices that can be operated at very
low energy consumption.

Fig. 7.4 Schematic illustration and Kerr microscopy image of the Fe/BaTiO3 heterostructure with
ferroelectric a- and c-domains. Arrows indicate the direction of ferroelectric polarization in the
BaTiO3 substrate and the direction of magnetization in the Fe film in zero magnetic field. Electric
fields are applied across the BaTiO3 substrate. Reprinted with permission from [14] Copyright
2015 American Physical Society; https://doi.org/10.1103/physrevx.5.011010
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7.3.2 Electric Field Control of Perpendicular Magnetization

As discussed in Sect. 7.2.1, a misfit strain at the interface gives rise to a PMA in
Cu/Ni multilayers, associated with the magnetoelastic energy. Since the PMA of the
Ni layers originates from the lattice expansion of Ni at the Cu/Ni interfaces,
relaxation of the lattice expansion or artificial compression of the lattice could
switch the magnetization orientation from out-of-plane to in-plane. An FM/FE
heterostructure is again a suitable material basis to induce the switching of the
magnetization between out-of-plane and in-plane. Similar to the electric-
field-driven domain wall motion shown in the previous section, the application
of an electric field induces a-c domain transformation of BTO in a Cu/Ni
multilayer/BTO heterostructure, thereby the lattice expansion at the Cu/Ni inter-
faces is relaxed due to compressive strain transfer from BTO to the multilayer [16].
The additional compressive strain weakens the PMA and in-plane magnetization
orientation is favored due to the magnetostatic energy arising from the thin film
geometry. With this approach, Fig. 7.6 demonstrates electric-field-induced mag-
netization switching from out-of-plane to in-plane in a Cu/Ni multilayer/BTO
heterostructure. While the out-of-plane magnetization curve (magneto-optical Kerr

Fig. 7.5 Kerr-microscopy images illustrating the motion of a magnetic domain wall in an Fe film
during the application of positive (green circles) and negative (violet circles) voltage pulses across
the BaTiO3 substrate. Black circles indicate that no voltage pulse is applied between two
consecutive images. The electric field is 2 kV/cm. Reprinted with permission from [14] Copyright
2015 American Physical Society; https://doi.org/10.1103/physrevx.5.011010
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hysteresis curve) is open and square-shaped before applying an electric field,
the hysteresis curve becomes slanted with an electric field, clearly indicating that
the magnetization switching occurs due to interface strain transfer. Once the electric
field is removed, the PMA is recovered due to the relaxation of the FE domain
structure from c-domains to a-domains.

It is obvious that 180° magnetization reversal by an electric field is also of vital
importance for high-density magnetic memory and recording applications. In Cu/Ni
multilayer/BTO heterostructures, even 180° magnetization reversal can be achieved
if a small magnetic field that breaks the symmetry of out-of-plane magnetic
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Fig. 7.6 a Schematic illustration of perpendicular magnetization switching by an electric field.
(b–e) Normalized out-of-plane and in-plane magnetic hysteresis curves of a Cu/Ni multilayer
recorded while sequentially applying an electric field of b E = 0 kV/cm, c E = 10 kV/cm,
d E = −10 kV/cm and e E = 0 k/Vcm across BaTiO3. Reprinted with permission from [16].
Copyright 2015 Nature Publishing Group; https://doi.org/10.1038/am.2015.72
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anisotropy is applied in addition to an electric field. Figure 7.6a depicts the sche-
matic illustration of the 180° magnetization reversal processes. When an electric
field is applied across the BTO layer, a-c FE domain transformation causes the
magnetization to reorient from out-of-plane to in-plane. If a small magnetic field is
added downward under the electric field, the magnetization direction is slightly
tilted out-of-plane downward and the 180° magnetization reversal toward the other
magnetic easy direction is achieved when the electric field is switched off. This
magnetization reversal can be demonstrated by magneto-optical Kerr measurements
as shown in Fig. 7.7.

7.4 Electric Field Control of Magnetic Phases

Besides electric field control of the magnetization direction in magnetic
heterostructures as demonstrated in Sects. 7.3.1 and 7.3.2, magnetic phases such as
ferromagnetic, antiferromagnetic phases, etc. are also found to be controllable by an
electric field, relying on the magnetoelastic effect at the interface. One of the
examples can be seen in B2-ordered FeRh/BTO heterostructures [17]. FeRh is a
well-known material that exhibits intriguing magnetic properties, e.g., the AFM-FM
phase transition at around 380 K upon heating [18, 19], where the AFM-FM phase
transition has its origin in the subtle balance between the AFM interactions and the
FM interactions via conduction electron spins. Recent work has demonstrated that
the AFM-FM phase transition can be controlled by injecting spin-polarized elec-
trons in FeRh wires via STT, spin accumulation [20, 21], and Joule heating
[22, 23]. Another aspect of this magnetic phase transition is associated with strong
spin–lattice coupling, which causes a lattice expansion of 0.3% at the AFM-FM
phase transition [24]. The strong spin–lattice coupling intuitively reminds us that
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the magnetic phases of FeRh can be tuned by inducing lattice strain artificially. In
order to investigate the strain effect on the magnetic phase of FeRh, FeRh/BTO
heterostructures have been used since the lattice constants and the crystal symmetry
of BTO suddenly change at the successive structural phase transitions of BTO
[4, 25], thereby large strain is transferred from BTO to FeRh across the interface.
Figure 7.8 shows the temperature dependence of magnetization of a Ga-doped
FeRh/BTO heterostructure, where sudden jumps of the magnetization are clearly
seen at the tetragonal (T) to orthorhombic (O) and the O to rhombohedral (R) phase
transitions [26]. The jump in the magnetization at the T-O phase transition arises
from the switching of the magnetization orientation due to the magnetoelastic
coupling at the interface, while that at the O-R phase transition originates from
strain-induced FM-AFM phase transition: a large areal compressive strain of 0.75%
occurs at the O-R transition.

Since BTO undergoes a-c FE domain transformation in an electric field as
described before (Fig. 7.9a), the electric-field-induced domain transformation and
the resultant strain transfer enable us to control the magnetic phases of FeRh.
Figure 7.9b shows a representative result of the electric-field-induced variation of
the magnetic coercivity of an FeRh thin film/BTO heterostructure. When an electric
field is applied across the BTO, a-c FE domain transformation occurs and the lattice
compression at the interface leads to the instability of the FM phase. Consequently,
the AFM phase becomes more stable. The instability of the FM phase thus results in
the reduction in the magnetic coercivity. These results clearly demonstrate that the
magnetic phase of FeRh can be manipulated by a pure electric field.
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Fig. 7.8 Temperature dependence of magnetization of a Ga-FeRh/MgO and b Ga-FeRh/BTO
measured in a magnetic field of 500 Oe applied in-plane along [110] of Ga-FeRh. Reprinted with
permission from [25]. Copyright 2014 American Institute of Physics; https://doi.org/10.1063/1.
4861455
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7.5 Electric Field Control of Spin Polarization

The spin polarization P of electrons in an FM material is another critical parameter
since it principally determines the magnetoresistance of GMR and tunnel magne-
toresistance (TMR) devices. The spin polarization is generally related to the
spin-dependent electronic structure through the following definition:

P ¼ D" eFð Þ � D# eFð Þ
D" eFð ÞþD# eFð Þ ð7:4Þ

where D"(#)(eF) is the spin-up (down) density of states at the Fermi energy eF. If the
spin polarization could be manipulated artificially, this leads to a vastly expanded
range of design possibilities of spintronic devices. In order to manipulate the spin
polarization, one of the promising approaches is to modulate the lattice of an FM
material via interface strain. Because the spin-dependent electronic structure, in
turn, the spin polarization is very sensitive to the lattice variation, strain transfer
across the interface of the heterostructure gives rise to a significant change in the
spin polarization. This means that, provided that strain transfer is generated in FM/
FE heterostructures by applying an electric field due to inverse piezoelectric and
piezoelastic effects, the spin polarization of the FM layer can be controlled elec-
trically [27, 28]. Figure 7.10 demonstrates a marked change in the magnetoresis-
tance measured with and without a lateral electric field of 66 kV/cm for a Co/Cu/Fe
GMR wire/BTO heterostructure. Electric field dependence of the change in the
magnetoresistance, which is termed electro-magnetoresistance (EMR), is presented
in Fig. 7.10d. The results clearly show that the application of an electric field
transverse to the wire axis yields an enhancement in the magnetoresistance. As
discussed above, the magnetoresistance is a direct function of the spin polarization
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b Electric-field-induced variation of the magnetic coercivity of an FeRh/BTO heterostructure
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of the FM layers involved in the heterostructure, indicating that the spin polar-
ization, in particular, of the Fe layer in contact with BTO is manipulated by an
electric field.

7.6 Summary and Outlook

I have reviewed interface-related effects on the magnetic properties, particularly
focusing on the electric-field-induced strain transfer effect in FM/FE multiferroic
heterostructures toward less energy dissipative magnetization controlling technol-
ogy in spintronic devices. Electric field control of magnetic domain walls, per-
pendicular magnetization, magnetic phases, and spin polarization has been
demonstrated via strain transfer across the interface. Since the heterostructures
focused in this chapter consist of ferroelectrics, there are some obstacles to be
overcome for practical use in spintronic devices. One of the obstacles is the
polarization fatigue that is related with the intrinsic properties of ferroelectrics.
Polarization fatigue causes a serious failure of device operation due to the redox
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Fig. 7.10 a Photograph and b schematic illustration of a Co (30 nm)/Cu (5 nm)/Fe (12 nm) GMR
wire/BTO heterostructure. c Magnetoresistance curves measured with and without a lateral
transverse electric field of 66 kV/cm in the R phase of BTO. d Electro-magnetoresistance versus
electric field in the R phase of BTO. Reprinted with permission from [26] Copyright 2015
American Institute of Physics; https://doi.org/10.1063/1.4929339
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reaction at the interface arising from the motion of oxygen ions and vacancies.
However, it is worth noting that the use of perovskite-type oxides such as
SrBi2Ta2O9 could circumvent this difficulty as demonstrated in recent work [29].
Retention failure, where a built-in potential destabilizes the FE polarization states,
is another critical issue to be carefully considered [30]. For practical device fab-
rication, integration with Si technology is also another challenging issue. Recent
reports have succeeded in the growth of SrTiO3 films on Si without interfacial
chemical reaction, which is an encouraging progress for exploiting multiferroic
heterostructures compatible with Si technology [31]. Although these issues we face
are rather challenging, artificial control of the interfaces in multiferroic
heterostructures and the electric field effect are now on the horizon. The author thus
envisages that further investigation of interface-related magnetic phenomena and its
artificial control both offer a very promising venue for the development of novel
spintronic and magnetic devices.
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Chapter 8
Microstructure Design for Oxide/
Non-oxide Ceramics for Structural
Applications

Fumihiro Wakai

Abstract Mechanical properties of ceramics, such as hardness, strength, and
fracture toughness depend not only on electronic/crystal structures but also on their
microstructures. The processing–property–microstructure relations and the princi-
ples of microstructural design will be critically reviewed in this section. The
mechanical reliability of brittle ceramics is improved by decreasing the flaw size
during the sintering process. The continuum theory of sintering is useful to find a
way to suppress defects formation. The improvement of toughness is an alternative
way to improve reliability. A novel nano/microstructure design was proposed to
develop the strong and tough nanocrystalline ceramics recently.

Keywords Sintering � Densification � Sintering stress � Fracture toughness �
Toughening mechanism

8.1 Ceramics for Structural Applications

8.1.1 Engineering Ceramics

Based on excellent mechanical properties, engineering ceramics are used for
structural applications in the field of technology such as energy and environmental
technology, transportation and production technology, as well as biological and
medical technology. Ceramics are inorganic, nonmetallic materials such as oxides,
nitrides, carbides, borides, and their composites. Examples of engineering ceramics
are listed below:

Oxides: SiO2, Al2O3, ZrO2, Mullite (3Al2O3�2SiO2)
Nitrides: AlN, BN, TiN, Si3N4, SiAlONs (solid solution of Si3N4 and Al2O3)
Carbides: B4C, SiC, TiC.
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Excellent hardness, wear resistance, and thermomechanical properties of
non-oxides arise from the covalent nature of atomic bonding. Moreover, some
oxides such as alumina (Al2O3) and stishovite (a high-pressure phase of SiO2)
exhibit high hardness. Hard ceramics are used as cutting tools, forming dies,
refractory non-oxides for steel industry, and casting tools. However, these hard
ceramics show no ductility, so that catastrophic brittle fracture occurs unpredictably
without any plastic deformation. The enhancement of reliability and damage tol-
erance are critical issues for the development of high-performance ceramics in order
to extend their range of applications for mechanical engineering. The attainment of
both hardness and toughness (damage tolerance) is a vital requirement for engi-
neering ceramics. But, usually, these properties are mutually exclusive as shown in
Fig. 8.1. High-toughness ceramics with high strength and wear resistance are tar-
gets of materials development for the future.

8.1.2 Microstructure–Property–Processing Relations

While intrinsic properties of a single crystal such as elastic constants and hardness
are controlled by the constituent of atomic elements, crystal structures, the nature of
atomic bonding, electric structures, and point defects, characteristic properties of
polycrystalline materials are affected by their microstructures, e.g., grain size, grain
shape, size distribution, pore volume, pore distribution, phase distribution, and
alignment of these factors or texture. These microstructures are controlled by
processing, so that the microstructure design through processing is the key for
improving mechanical properties.

Fig. 8.1 Relation between
hardness and fracture
toughness
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Fig. 8.2 Generation of defects during the sintering process

For example, fracture strength, rf of brittle material is determined by the Griffith
criterion as

rf ¼ YKc
� ffiffiffi

a
p ð8:1Þ

where Kc is the fracture toughness, a is the flaw size, and Y is a geometry
parameter. The mechanical failure of ceramics occurs unpredictably from defects/
flaws that are introduced during processing, either surface finishing or sintering.
Typical preexistent defects include large voids, cracks around inclusions/
aggregates, which are formed by internal stresses generated during sintering [5].
One approach for achieving materials having high reliability is to decrease the flaw
size by improving processing of the ceramic material since such voids and cracks
are generated during the sintering process (Fig. 8.2). The continuum mechanics of
sintering is an important theory to understand the stress distribution which arises in
the processing due to nonuniform shrinkage rate, thereby, predicting how defects
are evolved during sintering. In Sect. 8.2, the mechanics of sintering is described in
order to predict the development of defects. An alternative approach to improve the
reliability is to make materials with high fracture toughness strong, tough, and
damage-tolerant ceramics requires nano/microstructure design to utilize toughening
mechanisms at different scales. An approach for making toughened novel-
structured ceramics is described in Sect. 8.3.

8.2 Sintering Process of Ceramics

8.2.1 Continuum Mechanics of Sintering in Macroscopic
Scale

Sintering [11] is a thermal process that transforms powder compacts into
complex-shaped components. Dimensional control of components is fundamental
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to meet the required tolerance specifications. Figure 8.3 shows the powder
processing and sintering for making components schematically [12]. Heterogeneous
density distribution in powder compacts may lead to inhomogeneous shrinkage in
sintering. The continuum theory of sintering is of considerable help in predicting
the dimension and shape of products or in designing industrial processes using
computer simulation by finite element method (FEM). The sintering is a densifi-
cation process, where the volume of a powder compact decreases with time. In the
macroscopic description of deformation, the strain rate _Eij is a linear response to
applied stress, either hydrostatic Rm or deviatoric R0

ij, and a thermodynamic driving
force, i.e., the sintering stress Rs

_Eij ¼
R0
ij

2G
þ dij

Rm � Rs

3K
ð1Þ

where G and K are the shear viscosity and the bulk viscosity, respectively
[2, 20, 21].

The continuum model is useful in analyzing the effect of applied stress in
stress-assisted sintering such as hot pressing, spark plasma sintering, and hot iso-
static pressing. It is also useful to predict the internal stresses, which are generated
from the difference in shrinkage rate in constrained sintering [8]. The sintering
stress is the thermodynamic driving force for shrinkage, but it may induce tensile
stress that hinders shrinkage, enlarges void space, or makes cracks, when shrinkage
is constrained by inhomogeneous packing density or aggregates/inclusions
(Fig. 8.2). For example, in the sintering of thin film on a substrate, tensile stress
is generated inside the film. This stress is proportional to the free sintering strain
rate, which is caused by the sintering stress. The sintering stress, the driving force
for shrinkage, generates internal stress in the film, which suppress shrinkage in
constrained sintering. Such internal stresses induce cracks, debonding, or delami-
nation in co-sintering of low temperature co-fired ceramics (LTCC) and solid oxide
fuel cell (SOFC) [4].

Fig. 8.3 Powder processing and sintering for making ceramic components
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8.2.2 Micro–Meso–Macro Relationship for Sintering
Mechanics

Processing exerts essential influence on structural reliability through relations
among the powder processing, the distribution of packing density, the defect for-
mation, and the microstructure of the material [13]. If we know the origin of the
sintering force and how to control it, we will be able to predict the defect devel-
opment and the reliability of material. The macroscopic sintering stress is a physical
quantity, which can be measured by sinter forging experimentally [9].
Microscopically the sintering stress is determined, in principle, from the knowledge
of microstructures (Fig. 8.4). The concept of sintering stress was originally defined
for equilibrium states, where the mechanical stress just balances the internal surface
tension forces so that the porous materials does not shrink. It has been determined
rigorously for periodically arranged particles in equilibrium, either isotropic [29] or
anisotropic [28]. Actually, sintering is a nonequilibrium process, where gradients in
the curvature lead to surface diffusion that changes the particle shape at elevated
temperatures. Numerical simulation revealed that sintering force is the driving force
for shrinkage and neck growth in sintering of two particles for coupled grain
boundary diffusion and surface diffusion [25] and viscous sintering [27].
The analysis of sintering force is a basis for bridging the microscopic and the
macroscopic models because the sintering stress arises from sintering forces acting
among a huge number of particles. The theoretical modeling can help interpret
experimental results particularly in complex sintering problems like sinter forging
and constrained sintering [24].

8.2.3 Observation of Microstructure Evolution During
Sintering

Advances in X-ray microtomography allow the observation of complex pore
structures in three dimensions. It reveals real microstructural evolution during

Fig. 8.4 Micromechanics in sintering. a Interaction between two particles, b multi-particles
interaction, c periodic equilibrium structure, d random nonequilibrium structure
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Fig. 8.5 Evolution of pore space in sintering: a stage 1 (relative density q = 63.5%), b stage 2
(87.8%), c stage 3 (94.1%), d stage 4 (98.4%). Reprinted from [26], Copyright 2014, with
permission from Elsevier

sintering and provides an opportunity to analyze the local particle arrangements and
nonuniformity at the particle scale [3]. Consider, for example, the pore space
evolution in viscous sintering of spherical glass particles as shown in Fig. 8.5 [26].
In the initial stage (Fig. 8.5a), the pore structure is a continuous network with
numerous circular holes resulting from contacts between particles. As holes expand
with the neck growth, pore channels are pinched off, breaking the continuous
network into fragments: closed pores are formed one by one in the intermediate
stage (Fig. 8.5b, c). Complicated shaped pores become spherical in the final stage
of sintering (Fig. 8.5d).

The macroscopic shrinkage in sintering is a result of the microstructural evo-
lution that is driven by capillarity. The shape and form of pore structures, either
open or closed, generate the sintering stress, which in turn is a driving force for
shrinkage. The microstructural evolution in viscous sintering of glass is simply
described by the fluid mechanics. In this case, the sintering stress in nonequilibrium
porous structure is expressed by surface energy tensor, which is defined only by
pore geometry [23]. The initial particle packing is slightly anisotropic usually due to
tape casting. The sintering stress tensor was analyzed for X-ray computed micro-
tomography data on the constrained sintering of glass films, which were cast on
rigid substrates [3]. The average sintering stress in the thickness direction was the
largest. The anisotropy in the sintering stress between the thickness direction and
in-plane direction was observed. The anisotropy decreased with the microstructural
evolution, and then, disappeared at the final stage [26]. The analysis of sintering
stress tensor provides a novel method to investigate anisotropy and heterogeneities,
which are introduced during powder processing.

8.3 Microstructure Design for Tough and Strong
Ceramics

8.3.1 Toughening Mechanisms

The fracture resistance of ceramic materials is increased with crack extension by
toughening mechanisms [6, 14] such as crack bridging [1], microcracking, or phase
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transformation [7, 16] as shown in Fig. 8.6. The crack bridging toughening
contributes to enhanced fracture toughness of fiber-reinforced composites, silicon
nitride with elongated matrix grains [22]. The enhanced fracture toughness of
zirconia-based ceramics is derived from stress-induced tetragonal to monoclinic
phase transformation [10]. Materials with rising resistance-curve (R-curve) lead to
an increase in the strength compared to a material with the same intrinsic toughness
and a flat R-curve [15]. The R-curves can be measured by using specimens with
macrocracks (mm size) or with microcracks (*100 lm size). R-curves depend on
specimen geometry, and they are not materials constants [17]. But, the early part of
the R-curve, which is relatively insensitive to specimen geometry, provides the
information on factors related to microscopic toughening mechanisms. The eval-
uation of R-curves with crack extension less than 10 lm is critical for the design of
ceramic microstructures with both high strength and high toughness because the
allowable flaw size is small in ceramics. The toughening mechanisms so far known
are effective in microscale, then, they require the crack extension of more than a few
micrometers to increase the fracture resistance.

8.3.2 A Novel Structured Nanocrystalline Ceramics

Stishovite is a high-pressure phase of silicon dioxide (SiO2) stable at pressures
above 9 GPa, and metastable at ambient conditions. While low-pressure phases,
e.g., quartz and coesite, consist of networks of corner-sharing SiO4 tetrahedra,
stishovite possesses the rutile structure and is described as chains of edge-sharing
SiO6 octahedra. Stishovite is 60% more compact than quartz and has the highest
hardness (33 GPa) of any stable/metastable oxide under ambient temperatures. Only
diamond and cubic boron nitride are industrially used materials that are harder than
stishovite. Hard materials with the limited ability of plastic deformation tend to be
brittle, then, the fracture toughness of a single crystal is 1.6 MPa m1/2. Recently, it
is found that nanocrystalline stishovite with the average grain size of 127 nm had a
fracture toughness of 13 MPa m1/2 [18]. The fracture surface showed a unique
characteristic “worm-like texture” as shown in Fig. 8.7. This discovery shows that
the nanocrystalline stishovite attains both excellent hardness and toughness, which
are vital requirements for structural materials.

Transformation of metastable stishovite with sixfold coordination to the stable
phase with fourfold coordination often occurs through the intermediate amorphous

Fig. 8.6 Schematic diagram
for toughening mechanisms
by crack bridging and phase
transformation
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state, because the Gibbs free energy of stishovite is higher than that of amorphous
SiO2 at any temperature above 0 K at ambient pressure. The direct transition of
crystal to the amorphous state, which is analogous to melting, is triggered by
heating at 1 bar, or decompression at room temperature. The terms, amorphization/
vitrification, and melting are used for the transition below and above the glass
transition temperature. The amorphization accompanies a volume expansion up to
about 100%. The amorphization is induced by fracture since the tensile stress,
which is equivalent to negative pressure, can be very large at the crack tip. The
formation of the amorphous phase with the thickness of a few tens of nanometers
was observed on the fracture surface by X-ray absorption near edge structure
(XANES) spectroscopy [19]. In analogy to the transformation toughening of
zirconia where the metastable tetragonal phase transforms to stable monoclinic
phase at the crack tip, the fracture-induced amorphization can be a toughening
mechanism of stishovite. In order to understand why the nanometer-thick amor-
phous layer can increase the fracture resistance significantly, a micro-mechanical
test method using micro-cantilever beam specimens was developed to determine the
very early part of resistance-curve of nanocrystalline SiO2 stishovite [30]. The crack
growth resistance of stishovite increased from 4 to 8 MPa m1/2 with crack extension
about 1 mm (Fig. 8.8).

It was revealed that this novel toughening mechanism was effective even at
length scale of nanometer due to narrow transformation zone width of a few tens of
nanometers and large dilatational strain (from 60 to 95%) associated with the
transition of crystal to an amorphous state. There exists a toughening mechanic
which can operate at nanoscale. This finding will provide a motivation to search for
other nanoscale toughening mechanisms in many structural materials, such as
ceramics, composites, nanocrystalline materials, and also, synthetic materials with
hierarchical architecture.

Fig. 8.7 Fracture surface of
nanocrystalline stishovite.
Reprinted from [18],
Copyright 2012, with
permission from Elsevier

142 F. Wakai



References

1. P.F. Becher, Microstructural design of toughened ceramics. J. Am. Ceram. Soc. 74, 255–269
(1991)

2. R.K. Bordia, G.W. Scherer, On constrained sintering—I. constitutive model for a sintering
body. Acta Metall. Mater. 36, 2393–2397 (1988)

3. D. Bernard, O. Guillon, N. Combaret, E. Plougonve, Acta Mater. 59, 6228–6338 (2011)
4. P.Z. Cai, D.J. Green, G.L. Messing, Constrained densification of alumina/zirconia hybrid

laminates, I: experimental observations of processing defects. J. Am. Ceram. Soc. 80, 1929–
1939 (1997)

5. A.G. Evans, Structural reliability: a processing-dependent phenomenon. J. Am. Ceram. Soc.
65, 127–137 (1982)

6. A.G. Evans, Perspective on the development of high-toughness ceramics. J. Am. Ceram. Soc.
72, 187–206 (1990)

7. A.G. Evans, R.M. Cannon, Toughening of brittle solids by martensitic transformation. Acta
Metall. 34, 761–800 (1986)

8. D.J. Green, O. Guillon, J. Rödel, Constrained sintering: a delicate balance of scales. J Euro
Ceram Soc 28, 1451–1466 (2008)

9. O. Guillon, J. Rödel, R.K. Bordia, Effect of green-state processing on the sintering stress and
viscosity of alumina compacts. J. Am. Ceram. Soc. 90, 1637–1640 (2007)

10. R.H.J. Hannink, P.M. Kelly, B.C. Muddle, Transformation toughening in zirconia-containing
ceramics. J. Am. Ceram. Soc. 83, 461–487 (2000)

11. S.J.L. Kang, Sintering (Elsevier Butterworth-Heinemann, Burlington, MA, 2005)
12. T. Kraft, H. Riedel, Numerical simulation of solid state sintering; model and application.

J. Euro. Ceram. Soc. 24, 345–361 (2004)
13. F.F. Lange, Powder processing science and technology for increased reliability. J. Am.

Ceram. Soc. 72, 3–5 (1989)
14. M.E. Launey, R.O. Ritchie, On the fracture toughness of advanced materials. Adv. Mater. 21,

2103–2110 (2009)

Fig. 8.8 Microscopic
R-curve behavior of
nanocrystalline stishovite,
silicon nitride, and zirconia
(Y-TZP). Reprinted from
[30], Copyright 2015, with
permission from Springer

8 Microstructure Design for Oxide/Non-oxide Ceramics … 143



15. D.B. Marshall, Strength characteristics of transformation-toughened zirconia. J. Am. Ceram.
Soc. 69, 173–180 (1986)

16. R.M. McMeeking, A.G. Evans, Mechanics of transformation-toughening in brittle materials.
J. Am. Ceram. Soc. 65, 242–246 (1986)

17. D. Munz, What can we learn from R-curve measurements? J. Am. Ceram. Soc. 90, 1–15
(2007)

18. N. Nishiyama et al., Synthesis of nanocrystalline bulk SiO2 stishovite with very high
toughness. Scripta Mater. 67, 955–958 (2012)

19. N. Nishiyama et al., Fracture-induced amorphization of polycrystalline SiO2 stishovite: a
potential platform for toughening in ceramics. Sci. Rep. 4, 6558 (2014)

20. E.A. Olevsky, Theory of sintering: from discrete to continuum. Mater. Sci. Eng. R 23, 41–100
(1998)

21. H. Riedel, H. Zipse, J. Svoboda, Equilibrium pore surfaces, sintering stresses and constitutive
equations for the intermediate and late stages of sintering—II. diffusional densification and
creep. Acta Metall. Mater. 42, 445–452 (1994)

22. F.L. Riley, Silicon nitride and related materials. J. Am. Ceram. Soc. 83, 245–265 (2000)
23. F. Wakai, Mechanics of viscous sintering on the micro- and macro-scale. Acta Mater. 61,

239–247 (2013)
24. F. Wakai, R.K. Bordia, Microstructural evolution and anisotropic shrinkage in constrained

sintering and sinter forging. J. Am. Ceram. Soc. 95, 2389–2397 (2012)
25. F. Wakai, K. Brakke, Mechanics of sintering for coupled grain boundary and surface

diffusion. Acta Mater. 59, 5379–5387 (2011)
26. F. Wakai, O. Guillon, Evaluation of sintering stress from 3-D visualization of microstructure:

case study of glass films sintered by viscous flow and imaged by X-ray microtomography.
Acta Mater. 66, 54–62 (2014)

27. F. Wakai, K. Katsura, S. Kanchika, Y. Shinoda, T. Akatsu, K. Shinagawa, Sintering force
behind the viscous sintering of two particles. Acta Mater. 109, 292–299 (2016)

28. F. Wakai, Y. Shinoda, Anisotropic sintering stress for sintering of particles arranged in
orthotropic symmetry. Acta Mater. 57, 3955–3964 (2009)

29. F. Wakai, Y. Shinoda, T. Akatsu, Methods to calculate sintering stress of porous materials in
equilibrium. Acta Mater. 52, 5621–5631 (2004)

30. K. Yoshida et al., Large increase in fracture resistance of stishovite with crack extension less
than one micrometer. Sci. Rep. 5, 10993 (2015)

144 F. Wakai



Part III
Integration and Processing of Novel

Structured Materials



Chapter 9
Gas Tungsten Arc Welding

Manabu Tanaka

Abstract Gas tungsten arc welding (GTAW) utilises an intense electric arc formed
between a non-consumable tungsten electrode and the workpiece to generate
controlled melting within the weld joint. Essentially, the arc can be used as if it was
an extraordinarily hot flame. The stability of the tungsten electrode and the option
to use totally inert gas mixtures if desired means that the process can be very clean
and easy to implement. It is also a process with the potential to deliver relatively
high-power densities to the workpiece, and so can be used on even the most
refractory metals and alloys. In this chapter, principles of GTAW including energy
transport, momentum transport and weld pool behaviour which are required to
understand and control heat source properties of GTAW are reviewed in detail.
Furthermore, future trends of applications of GTAW are also described.

Keywords Arc welding � Tungsten � Arc plasma � Heat source properties

9.1 Introduction

Gas tungsten arc welding (GTAW) first made its appearance in the USA in the late
1930s, where it was employed for welding aluminium airframes. It was an exten-
sion of the carbon arc process, with tungsten replacing the carbon electrode. The
new tungsten electrode, together with an inert helium shielding gas atmosphere,
reduced weld metal contamination to the extent that highly reactive metals such as
aluminium and magnesium could be welded successfully. For a time, the process
was known as ‘heliarc’ in the USA. Other countries substituted the less expensive
argon for helium and referred to the process as ‘argon arc’. Later, these distinctions
were dropped and the process became known as tungsten inert gas (or TIG)
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welding. More recently, the term gas tungsten arc (GTA) has been introduced to
signify that the shielding gas may not necessarily be inert.

GTAW is known for its versatility and high joint quality. It can be used with a
wide variety of materials, including highly reactive or refractory metals. It may be
operated manually at lower currents (e.g. 50–200 A) for single-pass joining of
relatively thin sections, or multi-pass welding of thicker sections that have appro-
priate V- X- or similar-type edge preparations.

During the 1960s, the process was extended to much higher current range,
allowing the arc forces to play a significant role in increasing weld penetration. At
currents above about 250 A, the arc tends to deform the weld pool surface, with the
effect increasing as the current is increased further. This mode of operation is
generally automated, and in its early manifestations gave rise to terms such as high
current, buried arc, and subsurface arc TIG (or GTAW). Plasma arc welding also
has its origins in the GTAW process. More recent innovations have included the
introduction of active fluxes (A-TIG), dual shield GTAW, guided GTAW, keyhole
GTAW, and laser-GTAW hybrid processes.

Understanding of the GTAW process involves input from many disciplines.
Although appearing relatively simple, application of the process involves many
choices including electrode size and composition, electrode tip geometry, power
supply characteristics, electrode polarity, shielding gas, welding current, and volt-
age settings. Each of these will be related to the type of material and its joint
geometry. The complexities and the importance of the GTAW process have stim-
ulated research which is still very active more than 60 years after its introduction.

9.2 Principles

9.2.1 Energy Transport

GTAW utilises an intense electric arc ignited between a non-consumable tungsten
electrode and the workpiece to produce controlled melting within the weld joint.
Essentially, the arc can be used as if it was an extraordinarily hot flame. The
stability of the tungsten electrode and the option to use totally inert gas mixtures if
desired means that the process can be very clean and easy to implement. It is also a
process with the potential to deliver relatively high-power densities to the work-
piece, and so can be used on even the most refractory metals and alloys. It can be
misleading to refer to arc temperatures as a measure of melting ability, but the intent
can be captured in the measure of power density. Using this one finds that GTAW
processes produce power densities at the weld pool of up to 100 W/mm2. For
comparison, this is at least an order of magnitude greater than is available from an
oxyacetylene flame. The power density delivered to the workpiece is important in
determining the process efficiency and can be a significant constraint when using
with highly conductive metals such as copper.
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Under standard conditions, all shielding gases are extremely good electrical
insulators because of the small degree of ionisation of the gas. The current densities
typical of welding arcs (of the order of tens of amps per square millimetre) can only
be achieved if a high concentration of charged particles can be generated and
maintained in the conducting channel. In arcs, the necessary populations of elec-
trons and ions are maintained by thermal ionisation and this requires temperatures
of about 10 000 K and above.

The degree of ionisation of a gas can be expressed as a function of temperature
by the Saha equation [1]. The resultant conductivity is then determined from
consideration of the charge mobilities, as can be found in standard texts, e.g. [2] and
[3]. An example of dependence of conductivity of argon on temperature is shown in
Fig. 9.1 [1].

It is now known that the current density in an arc column has a limiting value
under normal conditions. Once this limit is reached further increases in total current
only distribute the current over larger areas of the anode, with no appreciable
change in peak current density on the arc axis [4]. In the case of argon, the
conductivity increases until doubly ionised argon appears at about 22 000 K. At
this point, the resistance provided by the doubly charged ions outweighs the benefit
of the increased number of electrons and so conductivity reaches a local maximum
(see Fig. 9.1). Once this temperature has been reached in a particular region, further
increases in current will tend to expand the current distribution into the adjacent,
slightly low-temperature regions [5].

For a very preliminary research of the welding arc, its main section can be
treated as one-dimensional, i.e. as a function of radius, r, only. Such an approach,
introduced by Glickstein in 1981, began with a simple model for the positive
column in which ohmic heating was balanced against radial thermal conduction:

rE2 ¼ �1
r

d
dr

rk
dT
dr

� �
dr ð9:1Þ

Fig. 9.1 Dependence of the
electrical conductivity of
argon on temperature from
3000 to 30 000 K
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In the above equation, r is the electrical conductivity, E is the electric field, r is
the radius from the arc axis, k is the thermal conductivity and T is the temperature.
Equation (9.1) is known as the Elenbaas–Heller equation. This equation can be
corrected for additional energy losses through radiation, S(T), [1] and it is then
known as the ‘corrected Elenbaas–Heller’, Eq. (9.2):

rE2 ¼ �1
r

d
dr

rk
dT
dr

� �
drþ S Tð Þ ð9:2Þ

Since the electrical and thermal conductivities of shielding gases have compli-
cated temperature dependencies, as shown in Fig. 9.1, these equations can only be
solved numerically. Nevertheless, the view of an arc in which radial conduction and
radiation balance ohmic heating is easily visualised and so is useful in developing a
qualitative understanding of arc behaviour. For example, Glickstein’s solutions
predicted that helium arcs should be much broader than those of argon despite peak
temperatures and current density distributions being similar. Consequently, helium
arcs should require higher voltages than argon arcs do—as is observed—since the
energy is derived from the electric field. Similarly, it can be appreciated that vapour
contamination or minor additions of a gas of lower ionisation potential should
significantly alter the arc configuration.

An appreciation of the welding arc with the Elenbaas–Heller equation has two
fundamental limitations: there is no consideration of the regions connecting the
plasma to the electrodes and the omission of convection within the arc.

The very narrow regions between the electrode surfaces and the arc proper are
known as sheath regions. In these regions, the high temperatures (*10 000 K)
needed for good electrical conductivity in the gas cannot be sustained due to the
cooling provided by the cold electrodes (even the boiling temperature of iron is
thousands of degrees below that required for argon to conduct well). Consequently,
the electrical conductivity of the gas will be extremely low. Because of the high
resistivity close to the electrodes the electric field of the arc will be very much
stronger in these regions than elsewhere. This is equivalent to saying that the field
has a nonzero divergence and according to Maxwell’s equations must be associated
with the presence of net electric charge:

r � E ¼ q
e0

ð9:3Þ

Or, in one dimension:

q ¼ e0
dE
dx

ð9:4Þ

Consequently, sheath regions will be bounded by regions of charge, one on the
electrode surface and the other at the interface with the plasma. This latter con-
stitutes a region of space charge. The corresponding voltage drops are sometimes
known as ‘fall’ voltages (see Fig. 9.2).
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The sheath regions are extremely important to determine the particular charac-
teristics of an arc and to establish the overall energy balance. In welding arcs, the
predominant charge carriers are electrons and these must be continually replenished
by being drawn out of the cathode and across the cathode sheath. Liberating
electrons from a metal surface requires a considerable amount of energy—each

Fig. 9.2 Schematic illustrations of the variation in voltage, electric field and charge densities with
position along an arc discharge
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electron absorbing at least an amount e/ where / is the work function of the
surface (typically 2–4 V). If the metal is suitably refractory (such as tungsten or
hafnium), this can be provided by the high temperature of the electrode and is then
known as thermionic emission. In this case, the electrons effectively evaporate from
the surface. If the temperature of the electrode is not high enough, the electrons
must gain their energy from the very high-strength field between the surface and the
surrounding space charge. This is termed field emission. GTAW is generally
operated in the thermionic emission mode. Electron emission is aided by the
presence of oxides and other surface impurities.

The electrons leave the arc by crossing the anode sheath and entering the anode,
which is usually the workpiece. The anode sheath is believed to be of the order of
one electron mean free path in width, to be consistent with its relatively low
temperature. In crossing this and entering the anode, the electron transports a
considerable portion of the total energy flux. The energy contribution of each
electron to the anode includes its thermal energy, the energy it absorbs from the
anode fall, and its energy of condensation, e/. In some cases, this can amount to as
much as 80% of the total energy flow into the anode. The other major source of
energy transport to the anode is conduction and here the characteristics of the
shielding gas become important. For example, helium is far more conductive than is
argon and consequently delivers more heat—hence, the perception that it makes
an arc ‘hotter’. Gases such as hydrogen and nitrogen exhibit what is known as
‘reactive thermal conductivity’. They dissociate at high temperatures with the
absorption of significant amounts of energy, only to recombine and release this
energy in the cooler regions such as the anode sheath. So these gases are also
associated with ‘hot’ arcs. In addition to electron absorption and conduction,
convection and radiation also transport energy. Convection in particular becomes
very important as currents rise above 40 A or so [6] and may be the dominating
transport mechanism outside the sheath regions. Convective flow is powered by
Lorentz forces associated with the passage of the high welding currents and has an
impact on the momentum as well as on energy transferred to the weld pool. Present
numerical models of welding arcs endeavour to incorporate all these effects [6, 7]
but there is still much development to be done.

9.2.2 Momentum Transport

At currents below about 200 A, the gas tungsten arc has many characteristics of an
ideal flame. It can be chemically inert, it produces very high heat fluxes to the
workpiece, and it appears to produce almost no disturbance to the molten metal it
produces. But despite the absence of metal transfer, the arc does transport
momentum and this becomes important at higher currents. The momentum transfer
and several of the resultant forces on the weld pool are due to Lorentz forces
generated within the arc. These forces can give rise to high-velocity plasma jets.
Similar forces also occur within the pool and are one of the drivers for circulation
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within it. The strength of these forces is dependent on the magnitude of the welding
current (F / I2) and its geometric distribution. The latter dependency is in turn
related to variables such as electrode composition and geometry, and choice of gas
shield composition. In order to model a welding arc, one might begin by consid-
ering the motion of an individual element of the plasma. Thus, each element of the
arc fluid is accelerated in proportion to the net force acting on it:

q
dv
dt

¼ q
dv
dt

þ v � rv

� �
¼ net force per unit volume ð9:5Þ

where q is the (incompressible) fluid density, v is its velocity and t is the time. The
net force per unit volume in an arc will include the Lorentz term J � B, the pressure
gradient—∇P, and a ‘diffusion’ term that accounts for viscous damping, η∇2v. The
resultant equation is a modified Navier–Stokes equation for an incompressible fluid,
and reads

q
dv
dt

¼ �qv � rv�rPþ J � Bþ gr2v ð9:6Þ

Solving this equation for an arc is challenging since the parameters are strongly
coupled, rendering the system non-linear. In general, several different equations
must be satisfied simultaneously (e.g. conservation of mass, energy, charge and
momentum) and numerical methods must be used for their solution. The work of
[6] provides a comprehensive treatment of this problem.

However, as is often the case, much can be learned by considering simplified
approximations. One such approximation is to ignore viscosity, as done by [8]. He
treated the arc as a truncated cone with the welding current, I, flowing between the
two electrodes, a tungsten tip with an emission area of cross-sectional radius Re and
the weld pool surface of larger radius Ra. With the assumption that the current
density is constant over any chosen radial cross section, the net force normal to the
pool was found to be

F ¼ lI2

8p
1þ 2 ln

Ra

Re

� �
ð9:7Þ

The ratio Ra/Re is known as the arc expansion ratio.
Converti identified the two J � B components contributing to the net Lorentz

force acting on the arc. Current flowing through an arc generates a circumferential
magnetic field, Bh(r), perpendicular to both the axial and radial vectors.
Consequently, both axial and radial components of the arc current will interact with
this field to give rise to forces. The axial component (Jz � Bh) generates a com-
pressive, or pinch force while any radial component (Jr � Bh, due to arc expansion)
results in an axially directed force. These two forces give rise to a radial pressure
gradient and a fluid flow (the plasma jet), respectively. The radial pressure gradient
produces a static pressure that squeezes the plasma against the terminating
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electrodes. On the other hand, the fluid flow contributes to a dynamic pressure that
acts only on surfaces that change the velocity of the fluid stream.

Evaluation of Eq. (9.7) indicates that the arc force increases with the square of
the welding current. Furthermore, experimental observation [9] and calculations
based on reasonable estimates of the arc expansion ratio [10] show that the mag-
nitude is of the order of 3 � 10−5 I2 grams weight. So, for example, an arc carrying
100 A would exert a relatively insignificant force of about 300 mg weight, whereas
at 500 A the force would be nearer 7.5 g weight. The latter is sufficient to displace a
significant volume of weld metal, molten stainless steel having a density of about
7 g/cm3.

Evidently, the larger portion of the arc force derives from the dynamic pressure
term (l/4p) ln (Ra/Re). Consequently, changing the arc expansion ratio will alter the
arc force generated at a given current. Now, in the case where the tungsten electrode
is the cathode, there is good evidence that the emission current is approximately
proportional to emission area. In fact, measured values for emission current den-
sities vary slightly around about 150 A/mm2, depending on electrode composition
[11] and welding current [12]. Consequently, the arc expansion ratio can be
increased by measures such as reducing the angle of the electrode taper or changing
the electrode composition. Other factors, such as choice of shielding gas and
electrode diameter can also alter the expansion ratio by changing the thermal bal-
ance at either electrode.

The arc pressure is a measure of the arc force per unit area at any given point
over the weld pool. Generally, arc pressure is a maximum on or close to the arc axis
and is often modelled as having a Gaussian distribution. Arc pressure is sensitive to
changes in the distribution of the arc force and so is significantly altered by factors
such as redistribution of the current and changes in gas viscosity. For example, the
arc pressures in a helium arc are significantly lower than those in an argon arc at the
same current because high-temperature helium is more viscous than argon and
therefore distributes the arc force over a wider area.

9.2.3 Weld Pool Behaviour

To complete a model of the GTAW process, it is necessary to consider the beha-
viour of the liquid weld metal. The weld pool can be a very active part of the
welding process, with significant energy and momentum transport taking place
within it. In addition to Lorentz forces, the weld pool is subjected to variations in
surface tension, buoyancy, Marangoni and ‘aerodynamic’ plasma drag forces.
Finally, at higher currents, the pool surface can be highly distorted and this can
modify current and gas flow within the arc, as well as produce another surface
tension-based driver for the flow of the liquid metal (see below). In general,
however, forces associated with gradients in surface tension are believed to dom-
inate flow within the pool.
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The flow resulting from gradients in surface tension is often referred to as
Marangoni flow [1]. Normally, surface tension decreases with increasing tempera-
ture, so that the weld pool surface will have a higher surface tension at the edges than
at the centre. As a result, the hotter weld metal at the centre is drawn across the
surface to the edges, thereby establishing a circulation that transports heat directly to
the edges of the pool, favouring the formation of a wide, shallow weld puddle. Under
appropriate conditions, this effect can be reversed by surface-active elements such as
sulphur, phosphorus and selenium. These elements lower the surface tension in the
cooler regions of molten metal, but are dissipated at higher temperatures. In such
circumstances, the temperature coefficient of surface tension can become positive
(that is, surface tension could increase with temperature) and reverse the expected
direction offlow. This circulation transports heat to the bottom of the pool rather than
to the edges, to produce deep, narrow weld pools. In this way, the performance of
specific welding procedures can be compromised by heat-to-heat variations in sul-
phur content within a given type of stainless steel, for example. Lorentz forces also
promote ‘centre-down’ circulation within the pool (see Fig. 9.3).

When the arc current exceeds about 150 A, the weld pool surface becomes
noticeably concave in response to the arc forces. The degree of metal displacement
increases with increasing current and becomes an important influence on process

Fig. 9.3 Flow directions induced by four possible motive forces in arc welding
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performance above about 250 A. The displacement of the weld pool is visible as a
terminating crater if the weld is abruptly terminated. Such craters are interesting for
several reasons. For example, their presence indicates that the liquid displaced by
the arc forces does not simply accumulate around the edges of the pool but actually
gets frozen into the weld bead. The amount of material required to fill the crater has
been referred to as the ‘deficit’ [10]. Although the shape of the crater may differ
from the depression of the pool during welding, it is evident that the deficit is
conserved. Hence, measurement of the deficit, via the terminating crater, can be
used to provide useful insights into the weld pool dynamics.

The use of measurements of deficit is illustrated by the data presented in
Fig. 9.4. The data is from experiments involving GTA bead-on-plate welds on
stainless steel using alternately argon and helium shielding gas. What is evident in
each case is an abrupt and large increase in deficit over small changes in current.
These changes correspond to similarly large changes in penetration (Fig. 9.5). The
implication is that an inadvertent choice of welding parameters near such transition
regions could result in serious weld inconsistencies.

Models that balance arc forces against the combined effects of buoyancy and
surface tension [10] could explain sudden changes in deficit. Essentially, the
argument is as follows. If the width of a weld pool is fixed and the arc force is
gradually increased from zero, surface distortion will be resisted by buoyancy and
by surface tension. These forces increase as the curvature increases, and hence
deficit rises relatively slowly. However, the resistance provided by surface tension
has a maximum value (2l rc) that corresponds to the surface becoming vertical at
some radius r. Further increase in arc force beyond this value causes proportionately
much greater displacement as it is now only limited by the weaker buoyant forces.

Models that can describe weld pool surface geometry begin with the assumption
of a ‘free surface’. This means that the pool surface moves until the net pressure
change across it is zero. Pressures arise from surface tension, buoyancy and arc
pressure. Because the net pressure is zero everywhere, the surface is at a local

Fig. 9.4 Variation in deficit
with current for melt-in mode
GTAW
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minimum in energy. Of course the surface is attached to the parent material at the
boundary of the pool. It follows that when the boundary moves as the heat source
moves along the joint, the distorted surface moves with it (If it did not then its shape
would change, its surface energy increase and it would experience a restoring force
acting to realign it with the moved boundary). This automatically drives liquid
metal from the leading to trailing edge of the pool and so is another potential driver
for fluid flow within the pool.

9.3 Future Trends of Applications

There are a number of misconceptions and genuine limitations relating to GTAW
and these must be addressed if the process is to retain its relevance in the future.
The ‘basic’ GTAW process has been hampered by its low penetration and conse-
quent poor productivity. As a production tool, it tends to be used when quality or
other overriding issues demand it. It is argued that the process has much more to
offer and has illustrated this with the detailed description of two of its many
variants. It is suggested that this realisation that GTAW has ‘more to offer’ will be
increasingly appreciated, particularly as fabrication operations become more

Fig. 9.5 Visual evidence of abrupt changes in deficit for bead-on-plate welds on stainless steel.
Both welds were made using argon shielding and at the same welding speed and voltage. Left 240
A, right 255 A
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integrated and mechanised. One of the historical impediments to the seamless
integration of welding into production lines has been poor joint fitup and the
consequent need for a degree of adaptability that was only available with manual
intervention. This impediment is rapidly being removed as component tolerances
improve, welding processes become more tolerant and control systems are made
more intelligent and responsive. This trend will suit the lower deposition welding
processes such as GTAW and should renew the search for innovative ways of
exploiting this very elegant process.

Many of the changes to GTAW over recent times have been forecast correctly to
be in the area of the equipment used to implement the process [13, 14]. This area
covers power sources, control systems, monitoring, viewing and data acquisition
[14]. This trend is expected to continue in the future, with the increasing availability
of significant computational power driving the process in the direction of greater
adaptability and user-friendliness. Occupational health and safety as well as envi-
ronmental issues is also becoming more important and concerns about electro-
magnetic radiation and its potential to interfere with computerised equipment, metal
fume and overall power requirements will all lead to further changes in equipment
and practices.

However, the opportunity for new variants is expected to continue and to pro-
duce some very productive processes. One example of this is the recent research
into hybrid processes and particularly laser plus GTAW [15, 16]. Hybrid welding
refers to a situation where two processes (in this case, laser welding and GTAW)
are coupled together to act as a single point. The coupling between the laser beam
and the gas tungsten arc produces a number of synergistic effects that enhance the
best features of each process. For example, the laser not only provides deep pen-
etration but also stabilises the anode spot of the arc. As one result, the gas tungsten
arc then can be operated in the more efficient DCEN mode, even when welding
aluminium. At the same time, the arc broadens the weld pool at the plate surface,
improves the laser to material coupling and relaxes the very high joint tolerances
required for laser welding. It also provides additional heat input and an improved
weld profile with reduced notch angles. In one set of trials on a 2 mm aluminium
3% magnesium alloy, [15] reported an increase in welding speed from 5 m/min for
the laser to 8 m/min with the hybrid process. The GTAW operated alone could only
be operated in the ac mode at 2 m/min.

Another innovation, in GTAW, is the newly reported guided GTAW or
GGTAW process [17]. In this variant, the main arc is established between a short,
hollow tungsten electrode and the workpiece. However, a separately powered
electrode positioned above the main electrode provides a lower current ‘pilot arc’.
This arc is constricted in passing through the hollow main electrode. The result is
two concentric arcs, the inner of which has a high energy density and is relatively
stiff. The inner arc has the effect of stiffening or ‘guiding’ the main arc, hence the
name of the process. This process is anticipated to have some advantages over both
GTAW and plasma arc.

In summary, GTAW is a particularly elegant welding process because of its
apparent simplicity and appeal to fundamental physical principles. It is also
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becoming far more productive and versatile than popular images of the process
suggested. The likely scenario is that this process will continue to be developed in
new and imaginative ways for many years to come.
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Chapter 10
Laser Welding

Seiji Katayama

Abstract This chapter describes characteristics of laser welding, features of main
lasers used for welding, factors affecting weld penetration, laser welding phe-
nomena including behavior of laser-induced plume, keyhole behavior, and melt
flows in a molten pool during laser welding. It also refers to elucidation of for-
mation of welding defects, preventive procedures of such defects, and examples of
laser joining results of dissimilar metals and metal to plastic or CFRP, monitoring
and adaptive control results during welding, and industrial applications as a recent
trend for laser welding.

Keywords Laser welding � CO2 laser � YAG laser � Fiber laser � Diode laser �
Fiber delivery � Welding phenomena � Welding defects � Laser-induced
plume � Deep penetration � Welding conditions � Dissimilar metals joining �
Monitoring � Industrial applications

10.1 Characteristics of Laser Welding

Welding is the most versatile and realistic joining method applicable to the
construction of products in many industrial fields. A laser is one of the
high-power-density or the high-energy-density heat sources. Therefore, “laser
welding” is recognized as an advanced process to join materials with a laser beam
of high power and high-energy density. The power density distribution of a laser
beam and the consequent geometry of a weld bead are schematically shown in
Fig. 10.1, in comparison with the profiles of arc, plasma, and electron beam.
Welding with an arc is most widely used, thanks to cheap apparatuses and easy
production of good joints, but the penetration of an arc weld bead is not so
deep. Plasma welding can produce slightly deeper penetration than arc welding due
to higher power/energy density. An electron beam can produce the deepest weld
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bead, but vacuum conditions, a chamber for X-ray protection for human beings, and
sometimes demagnetization for steel plates are required. On the other hand, a laser
beam of high power/energy density can also produce a deep and narrow penetration
weld easily in the shielding gas such as helium (He), argon (Ar), or sometimes
nitrogen (N2) under the air environment. Moreover, much deeper weld beads can be
produced with a laser beam at low welding speeds even in low vacuum. The depths
of laser welds are almost equal to those of electron beam welds. Among all the
welding processes, laser welding can produce a variety of joints of metals or
plastics ranging from very thin sheets of about 0.01 mm thickness to thick plates of
about 100 mm thickness, and has gained great popularity as promising joining
technology with high quality, high precision, high performance, high speed, good
flexibility, and low distortion [1–4]. It can also achieve robotization, reduced
manpower, full automation, and systematization in production lines. Consequently,
applications of laser welding are increasing together with the development of novel
laser apparatuses and joining processes. In order to properly apply pulsed or con-
tinuous wave (PW or CW, in short) lasers to welding or joining, it is important to
know the specifications and capability of laser apparatuses, the factors affecting
weld penetration and welding defects, and the mechanisms and behavior of welding
as well as to evaluate the weldability of materials and the mechanical properties of
welded joints.

10.2 Lasers for Welding

The kind and characteristics of the main lasers used for welding are summarized in
Table 10.1. Typical CO2 and Nd:YAG laser systems are schematically represented
in Fig. 10.2. CO2 lasers of 10.6 lm in wavelength are developed as high beam
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Fig. 10.1 Power densities for
typical welding heat sources,
and geometry of weld beads
obtained at respective
densities
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Table 10.1 Kinds and characteristics of lasers for welding (April 1, 2016)

CO2 laser (Wavelength: 10.6 lm; far-infrared ray)

Laser media CO2–N2–He mixed gas (Gas)

Average power [CW] 50 kW (Maximum)

(Normal) 1–15 kW

Merit Easier high power (Efficiency: 10–20%)

Lamp-pumped YAG laser (Wavelength: 1.06 lm; near-infrared ray)

Laser media Nd3+:Y3Al5O12 garnet (Solid)

Average power [CW] 10 kW (Cascade-type max and fiber-coupling max)

(Normal) 50–7 kW (Efficiency: 1–4%)

Merits Fiber delivery, and easier handling (good flexibility)

Laser diode (LD) (Wavelength: 0.8–1.0 lm; near-infrared ray)

Laser media InGaAsP, etc. (Solid)

Average power [CW] 8 kW (Stack type Max.), 50 kW (Fiber delivery Max.)

Merits Compact and high efficiency (20–50%)

LD-pumped solid-state laser (Wavelength: About 1.06 lm; near-infrared ray)

Laser media Nd3+:Y3Al5O12 garnet (Solid), etc.

Average power [CW] 13.5 kW (Fiber-coupling Max.)

[PW] 6 kW (Slab type max.)

Merits Fiber delivery, high brightness, and high efficiency (10–20%)

Disk laser (Wavelength: 1.03 lm; near-infrared ray)

Laser media Yb3+:YAG or YVO4 (Solid), etc.

Average power [CW] 16 kW (Cascade-type Max.)

Merits Fiber delivery, high brightness, high efficiency (15–25%)

Fiber laser (Wavelength: 1.07 lm; near-infrared ray)

Laser media Yb3+:SiO2 (Solid), etc.

Average power [CW] 100 kW (Fiber-coupling Max.)

Merits Fiber delivery, high brightness, high efficiency (20–35%)
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Fig. 10.2 Schematic representation of CO2 and YAG laser welding system
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quality and easy achievement of higher power, the maximum laser power reaches up
to about 50, and 1–15 kW power levels have been mainly utilized in welding of
steels, automotive components, airplanes, ships, etc. Inconvenient problems con-
sidered in CO2 laser welding are as follows: (1) High-power lasers should be
delivered by mirrors but not by an optical fiber, and (2) an Ar plasma, which can be
easily formed in Ar shielding gas, reduces weld penetration depth especially in
high-power laser welding. Therefore, there is no increase in applications of CO2

laser to welding. Lately, CO2 lasers are still used for cutting. In addition, CO2 lasers
of 9.6 lm in wavelength are chiefly used for drilling of resins for mobile phones, etc.

Fiber delivery, which is used in lamp- or LD-pumped Nd:YAG, diode, Yb:disk,
and Yb:fiber lasers, is representative of good flexibility and desired in most
industrial applications. Nd:YAG lasers of 1.06 lm in wavelength can be delivered
through an optical fiber and are operated in CW or PW mode. PW lasers are used in
welding of small parts such as battery cases, electric components, glass frames, etc.
CW lasers of 2–7 kW power have been employed for laser welding of tailored
blanks, aluminum cars, Zn-coated steel sheets, stainless steel pipes, tanks, etc. after
such applications of CO2 lasers. The lamp-pumped Nd:YAG lasers have a draw-
back of low electrical efficiency (the ratio of laser output to electrical input) of less
than 4%.

Consequently, the development of high-power CO2 and YAG lasers has already
been stopped. Instead, laser diode (LD)-pumped solid-state (YAG) lasers have been
developed up to 6 to about 10 kW. However, the development of these lasers has
also been stopped due to lower electrical efficiency and lower beam quality than
LD-pumped disk and fiber lasers. Recently, disk and fiber lasers are more expected
in terms of high power, high efficiency, and high beam quality than lamp- or
LD-pumped YAG lasers.

In the twenty-first century, thereafter, developments of lasers with high power
and high beam quality have been concentrated upon diode lasers (DL or LD)
themselves, and LD-pumped disk and fiber lasers. Diode lasers have high electrical
efficiency of 30–60%. Direct or fiber-delivered diode lasers mounted to robots are
used for welding of thin sheets of aluminum alloys, steels, stainless steels, plastics,
and so on and for brazing of Zn-coated steels, etc. The drawback of diode lasers
was a bad beam quality, but recently diode lasers of 2 and 4 kW in the maximum
power newly developed have high beam quality equivalent to that of disk lasers.

High power, high electrical efficiency, and high beam quality are achieved by
disk and fiber lasers. The disk laser and the fiber laser with the high electrical
efficiency of 25–40% and the maximum power of 16 kW and 100 kW, respec-
tively, are commercially available. Their beam qualities are extremely high as the
beam parameter products (BPP) are smaller than 10 mm * mrad. Disk and fiber
lasers are both utilized as heat sources for remote welding, as shown in Fig. 10.3.
Remote laser welding with a robot and a scanner is the most promising joining
technology of high speed and high production. Further applications of these lasers
are evolved to welding for electrical components, cars, trains, bridges, pipelines,
ships, airplanes, and so on.
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10.3 Laser Welding Phenomena

Welded joints are produced in a variety of joints, as indicated in Fig. 10.4. Butt and
lap joints are commonly welded with PW or CW lasers. Typical phenomena during
PW and CW laser welding are schematically illustrated in Fig. 10.5. Depending upon
the laser irradiation time and the power density, a spot or bead weld is formed in the
morphology of a heat-conduction type or a keyhole type. When a laser beam is shot
on the metallic plate, the absorption of laser energy is caused by the interaction
against free electrons in the metal, the electrons transfer inside the band, and the
interaction of moving electrons against metal lattice, defects, imperfection, and
potential perturbation. The temperature of the plate surface rises by the transfer from
laser energy to thermal energy. The laser absorption increases slightly with an

Fig. 10.3 Schematic of
remote welding system using
solid-state laser

Butt joint Lap joint T-joint Flange joint

Linear weld Circular radial weld Circular axial weld

Fig. 10.4 Schematic of typical examples of laser-welded joints
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Fig. 10.5 Schematic illustration of spot and bead welding phenomena with PW and CW laser,
showing heat-conduction type shallow penetration and keyhole type deep penetration depending
upon laser power density

increase in the temperature in the solid and considerably above the melting
temperature, and the temperature of the laser-irradiated area rises higher to the boiling
temperature. A cavity or a keyhole is formed by recoil pressure due to violent
evaporation. A coupling (absorption) coefficient of laser energy into the metal is
schematically shown in Fig. 10.6. It increases according to the temperature and
surface conditions. Since the laser absorption is extremely high in the case of a
keyhole formation, a keyhole type of deep penetration welding is regarded as an
efficient joining process. A bright plume of evaporated metallic atoms and vapors is
ejected from laser-irradiated part, especially a keyhole. Spattering of melt droplets,
caused by a strong stream of the ejected plume, sometimes occurs from the inlet of a
keyhole.

The cross sections of laser weld beads in an aluminum alloy produced by CO2

laser welding at 5 kW in the shielding gas of He, N2, or Ar are shown in Fig. 10.7.
The penetration depths at both welding speeds are shallower in the order of He, N2,
and Ar. Examples of high-speed video pictures during CO2 laser welding under the
abovementioned same conditions are shown in Fig. 10.8. Ar and N plasma are seen
in the respective gases although He plasma is not observed during welding. It is
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Fig. 10.6 Coupling coefficient of laser energy into metal such as steel or aluminum alloy as a
function of temperature and affecting factor

Fig. 10.7 Cross-sectional photos of CO2 laser weld beads, made at 25 and 100 mm/s in He, N2,
and Ar coaxial shielding gas
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well understood that the decrease in CO2 laser weld penetration especially in Ar or
N2 gas is attributed to the stable formation tendency and size of Ar and N plasma.
In welding with a high-power CO2 laser, He ratio of more than 50% is required to
produce a deep penetration weld by preventing a gas plasma.

The formation situations of a laser-induced plume and/or plasma and their effects
on the weld penetration are summarized in Fig. 10.9. The formation of Ar or N
plasma is easy in the case of welding with CO2 laser of more than 5 kW power,
while a laser-induced plume is only formed from a keyhole during YAG, disk, or

Metallic
plume

Metallic
plume

Metallic
plume

Ar
plasma

N
plasma

Fig. 10.8 High-speed video pictures of induced plume and gas plasma during CO2 laser welding
in He, N2, and Ar coaxial shielding gas
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on weld penetration

fiber laser welding. The interaction between the CO2 laser beam and the gas plasma
is interpreted in terms of the absorption due to Inverse Bremsstrahlung, whose
effect is about 100 times greater than that of YAG, disk, or fiber laser. The tem-
perature of a plume during welding with the laser of about 1 lm wavelength is
estimated to be about 3000–6000 K depending upon the high power density from
about 1 kW/mm2

–1 MW/mm2. In fact, such temperatures fluctuate between 3000
and 9000 K. The effects of the plume are attributed to refraction due to the dif-
ference in density between the plume and the environment as well as Rayleigh
scattering due to the formation of ultrafine particles. In the case of a tall plume and
the consequent wide formation range of low refraction index due to the formation of
a high temperature area during remote welding, the weld penetration is drastically
changed to be shallower from the keyhole type to the heat-conduction mode (at the
focal point) due to the beam refraction and the downward shift of the focal point. As
far as the height of the plume or low refractive index area (namely, the interaction
length of the plume to a laser beam) is suppressed by a fan or a blower of shielding
gas or an air, a deep penetration weld can be produced.

Melt flows in the molten pool and near the surface are interpreted by observing
with X-ray transmission in-situ imaging system and high-speed video cameras. It is
consequently understood that the weld penetration depth is determined chiefly by
the keyhole depth, and partly by the melt downward flow around the keyhole tip
and by the thermal conduction from the keyhole tip, as shown in Fig. 10.10. Melt
flows of the surface in the molten pool are affected by the surface tension of the
melt and the shear stream due to a plume ejected strongly from a keyhole inlet,
resulting in the typical shapes of wide or narrow weld beads near the surface.

10.4 Laser Weld Penetration and Welding Defects

Small parts are made by spot welding with a pulsed laser. Deep penetration welds are
easily formed with the increase in the pulse width near the focal point of a focusing
lens as shown in Fig. 10.11. However, the maximum depths of sound laser spot
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Fig. 10.11 Effects of pulse
length and defocused distance
on penetration depth and
porosity formation in pulsed
YAG laser spot welding of
type 316 steel

welds should be normally less than 1.5 mm or 3 mm under controlled conditions,
because porosity is easily formed especially even in the shallow weld with extremely
short-time irradiation and deep welds made with a laser of rectangular pulse shape.
Pulse shaping of slow rising and falling power is carried out to reduce spattering and
porosity, respectively. Spot welds produced by a pulsed laser of several millisecond
durations (for example, in aluminum alloys such as A5083, stainless steels such as
AISI 310S, or Ni-based alloys) are very susceptible to solidification cracking because
of easy formation of residual liquid along grain boundaries due to rapid solidification
of cellular dendrites tips. Additional low powers for suppression of rapid solidifi-
cation of dendrites tips are required to reduce such solidification cracking.

Deeply penetrated welds are effectively produced in high-power CW laser welds.
The penetration depths of stainless steel welds made with fiber lasers of different
beam diameters at 6 and 10 kW in Ar shielding gas are indicated in Fig. 10.12. In
fiber laser welding at high power, deep penetration can be achieved even with Ar
shielding gas, although the penetration is reduced due to Inverse Bremsstrahlung
absorption by the formation of Ar gas plasma in the case of CO2 laser welding with
Ar shielding [3]. The penetration is shallower with the increase in the welding
speed, and at high speeds, is deeper at higher power density of a smaller beam
diameter. It is understood that the effect of laser power is more dominant at low
speeds. The penetration is deeper at 10 kW than at 6 kW at the speed of less than
3 m/min (50 mm/s). At low welding speeds, porosity is easily formed, while no
porosity is present at high welding speeds, but humping or spattering leading to
underfilling occurs depending upon the smaller or wider beam diameter, respec-
tively. Under some conditions, welding defects such as porosity, cracks, humping,
underfilling, and so on are easily formed.

Based upon the X-ray transmission observation results, bubbles and porosity
formation situations are shown together with keyhole behavior and melt flows in
Fig. 10.13 [5]. At very slow welding speed, an unstable keyhole is easily formed and
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leads to the formation of bubbles, since a laser beam is irradiated on the wall, which
causes the melt downward flows to produce a bubble by closing the bottom keyhole.
In this case, the bubbles sometimes disappear from themolten pool surface by flowing

Welding speed, v (m/min)

Pe
ne

tra
tio

n 
de

pt
h,

 d
p

(m
m

)

0 2 4 6 8 10  12 14      16 

18

16

14

12

10

8

6

4

2

0 

humping
(ultra-high density)

low speeds
porosity

laser power

power density

t = 8 mm
t  = 20 mm

spattering
underfilling
(high speeds)

tdp

Fig. 10.12 Effect of beam diameter (power density) and welding speed on penetration depth of
type 304 stainless steel weld made with 6 and 10 kW fiber laser
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up during welding. Porosity is more easily formed by the generation of bubbles from
the tip of the keyhole at slow welding speed. Such large bubbles resulting in pores or
porosity are generated from evaporation of keyhole (front) wall. Such porosity is
prevented by full penetrationwelding. Pulsemodulation is sometimes effective. In the
case of high power density due to a 0.2 mm small focal beam, bubbles leading to
pores or porosity are formed from the middle part of a full penetration keyhole (the
location of about 5 mm below the focal point). In steels or austenitic stainless steels,
porosity is absent due to the ejected plume upward at high welding speed.

According to the gas analyses of porosity, a large amount of shielding gas, a
small amount of hydrogen (H), and sometimes a small amount of nitrogen (N) are
detected [6]. It is generally considered that the bubbles have the same compositions
as a keyhole such as a large number of evaporated vapors and a small number of the
other elements composing of a shielding gas, and N (nitrogen) or O (oxygen) in air.
Vapors and O make oxide films on the porosity inside surface, and the rest metallic
vapors also deposit on the porosity surface as the temperature falls. Consequently, a
shielding gas is mainly left inside the porosity, and H is contained because it can
diffuse into the porosity during and after welding.

Porosity can be reduced or prevented by choosing proper conditions of high
welding speeds, vacuum or a proper shielding gas for the metal, pulse modulation,
and full penetration with a laser beam of moderate beam diameter.

The relationship between cracking susceptibility, laser welding process and the
plate thickness is schematically summarized in Fig. 10.14 [7]. Cracking suscepti-
bility is the highest in spot welding with a pulsed laser and is the lowest with CW
laser welding of thin sheet (of about 1–3 mm thickness) under the proper welding
conditions. However, it is noted that a rotational crack may occur when the full
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penetration welding of thin sheets starts near the end. In order to reduce or prevent
weld hot cracking, it is necessary to take measures from the viewpoints of both
material or metallurgical and mechanical factors. In laser welding, therefore, the
following measures are considered: (i) Proper selection of the base metal, its
thickness and weld fusion zone geometry, (ii) proper control of molten pool
compositions using a filler wire, and (iii) adoption of proper welding conditions for
narrowing a mushy zone as well as suppression of rapid solidification and rapid
tensile strain during solidification.

10.5 Evolution of Laser Welding

In low and high vacuum, sound extremely deep penetration welds can be produced,
as shown in Fig. 10.15. The penetration depths of laser welds produced at low
speeds in vacuum (under even low vacuum conditions) are comparable to those of
electron beam welds [8]. Laser welding is also applicable to joining similar or
dissimilar plastics, dissimilar metals such as cast irons and steels, steels and
aluminum alloys, or metals and plastics [5]. It has recently been demonstrated that
strong lap joints could be produced between steels and light metals such as
aluminum or magnesium alloys, and in the same way between metals such as steels,
stainless steels, aluminum alloys and titanium alloys, and engineering plastics such
as PA (polyamide), PET (polyethylene terephthalate), and PC (polycarbonate) [9].
Figure 10.16 [10] shows appearances of the laser lap joints between Type 304
stainless steel and PET plastic sheets before and after the tensile shear test. Small
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m

(a) Ar shielding (b) 10 kPa

Fig. 10.15 Cross-sectional photos of laser welds in type 304 steel produced with 10 kW fiber
laser at 0.3 m/min in Ar shielding gas at 1 atm (a) and under low vacuum of 10 kPa (b)
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bubbles are formed in the melted plastic near the joint interface, and the elongation
of the PET base plastic is demonstrated. Figure 10.17 [10] exhibits cross-sectional
SEM and TEM photos near the interface of the joint at higher magnification and
diffraction patterns from typical points. Cr2O3-type oxide film is identified, and it is
observed that such oxide films always exist as an intermediate layer between plastic
and metal for any combinations. SEM and TEM photos clearly exhibit that a strong
joint is produced, and that laser joining is performed partly by chemical or physical
bonding of melted plastic on a thin oxide film covering the base metal. These results
signify a feasibility of the production of a strong joint between metal and plastic
sheet. Laser direct joining mechanisms of metal and plastic lap sheets are consid-
ered as follows: Laser is shot through the transparent plastic sheet or directly on the
metal plate, and then the plate is heated to melt the plastic near the joint interface.
Some bubbles are generated to play a role of forcing the activated melted plastic to
flow the metal surface. Tight joining of metal to plastic is performed through
mechanisms of chemical, physical (Van der Waals force), and mechanical (anchor
effect) bonding. Laser joining of metal plate to GFRP (glass fiber-reinforced
plastics; PA matrix) or CFRP (glass fiber-reinforced plastics; PA matrix) sheet was
also confirmed to be successfully performed [11].

In-process monitoring, online sensing or adaptive control system during laser
welding is required to produce a sound high-quality laser weld [3, 4]. Reflection of

Plastic:PETMetal:Type 304 
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(a)

(b)

Elongated plastic
Joint

LAMP joint after tensile shear test

LAMP joint between 
Type304 steel and PET

Fig. 10.16 Laser lap joints of 3-mm-thick type 304 steel plate and 2-mm-thick PET plastic sheet
before and after tensile shear test, showing that bubbles are formed in melted zone in PET during
joining and that elongation of PET base plastic occurs during testing
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a laser beam and heat radiation from a laser-irradiated part and a molten pool are
important candidates for monitoring signals. The later is also used for feedback or
adaptive control for the production of a constant weld bead width. Direct obser-
vation of phenomena during laser welding is also important in terms of under-
standing of formation mechanisms of welding defects. As shown in Fig. 10.18,
online sensing system on the basis of the location relationship between a keyhole
and butt-joint line from observation pictures during laser welding has been
developed [12]. Moreover, the special focusing optic utilizing the other laser beam
in addition to the main laser for welding, which can predict the weld bead depth by
monitoring the reflection light from a keyhole tip during welding, is commercially
available [13]. It can also control the penetration depth at desired one under some
conditions. Recently, such researches are greatly advanced and the systems are
employed in practical applications.
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Fig. 10.18 Imaging observation photo for in-process sensing
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Fig. 10.17 SEM and TEM photos of cross-sectional near joint interface between type 304 steel
plate and PET plastic sheet, and diffraction patterns and analyzed results of gray and dark parts,
showing Cr2O3 oxide and type 304 steel, respectively
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Chapter 11
Friction Stir Welding

Hidetoshi Fujii

Abstract Several material designs using friction stir welding (FSW) are demon-
strated. The FSW is solid-state processing techniques, which can be used for many
processes such as welding and surface modification. In particular, this method is
very useful for the material design of transformable materials such as steel and Ti
alloys. When the FSW of steel is performed below the A1 point, the optimal
microstructure consisting of very fine ferrite and globular cementite is obtained,
regardless of the carbon content. When the FSW of Ti alloys is performed below
the b transus, equiaxed grains of approximately 1–2 lm are obtained, and thus the
mechanical properties, such as fatigue and toughness, are expected to improve.

Keywords Recrystallization � Transformation � Severe deformation � FSW � Steel

11.1 Features of the Friction Stir Welding

During friction stir welding (FSW), the materials are maintained in the solid state
[1]. Accordingly, this new method has a variety of excellent advantages that have
already been used for various industrial applications such as trains, ships, auto-
mobiles, and civil engineering structures for Al alloys [2–9].

In FSW, an approximate /10–20 cylindrical tool rotating at a high speed is
brought into contact with the materials which generates heat, as shown in Fig. 11.1a;
thus, the two materials are welded using the frictional heat due to the friction and
deformation of the materials [3, 4]. As shown in Fig. 11.1b, the tool consists of a
large diameter part (Shoulder) and a small tip part (Probe). Only the probe is inserted
into the materials, and the tool is moved along the butt interface, the materials are
welded through plastic flow and recrystallization caused by the tool.

The maximum temperature is below the melting point, which indicates that the
welding is performed in the solid state; accordingly, the reduction in the joint
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strength is much lower than that for conventional welding. In some cases, the joint
strength is higher than the base metal. In particular, in the case of steel, the
heat-affected zone (HAZ) is not generally softened, thus a 100% joint efficiency can
be easily obtained [10–17], except for some special steels, such as high-strength
steel [18].

Figure 11.2 shows a schematic illustration of a joint, and Fig. 11.3 shows actual
microstructures of a 1080 aluminum alloy joint at a cross section [4, 19]. An
equiaxial and recrystallized structure of several microns is formed at the center of
the joint, and this area is called the stir zone (SZ). Outside of the stir zone,
a thermomechanically affected zone (TMAZ) is formed, where elongated grains are
formed due to the plastic deformation by the tool. Outside the TMAZ, a
heat-affected zone (HAZ) is present, which is not affected by the plastic defor-
mation, but affected by the heat.

The characteristics of the friction stir welding are as follows:

1. It is a solid-phase welding. Accordingly, coarsening of the crystal grains of the
joint is suppressed, thus, any reduction in strength is small during the welding.
Furthermore, in some cases, it is also possible to improve the strength from that
of the base metal due to the refined crystal grains caused by the stirring action
of the rotating tool.

2. The deformation is small, which is less than one/several numbers of that from
arc welding (MIG).

3. It can be applied to the 2000 series and 7000 series Al alloys, a cast material or
a composite material, which are normally difficult to weld.

Shoulder Probe

φ 15(b) 

M6Advancing side

Retreating side Welding direction

(a)

Fig. 11.1 Principles of FSW and tool shape

Base metal

Heat affected zone
(HAZ) 

Stir zone

Thermo-mechanically affected 
zone (TMAZ)

Fig. 11.2 Schematic
illustration of a joint
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4. It is suitable for welding dissimilar materials.
5. Pretreatment or groove processing is not required.
6. Fumes, sputtering, or ultraviolet rays are not generated during the welding.
7. Pores, cracks, and other defects are unlikely to form.
8. A shielding gas is not required in the case of welding Al alloys.
9. In principle, no filler is required.

10. There is almost no evaporation of the alloy components during the welding.
11. Professional skills are unnecessary.
12. A welding license is currently not required.
13. Steel can be welded below its A1 temperature. In this case, no transformation

occurs even for the welding of steel.

On the other hand, it has the following problems:

1. High rigidity jigs are required.
2. Since the permissible range of the gap is narrow, it is necessary to control the

gap and any misalignment of the joint.
3. Complicated shapes of the members, such as filet joints, are difficult to weld.
4. A keyhole remains at the end of the welding.
5. Bonding failure called a kissing bond is likely to be produced on the back of the

plate.
6. It is generally limited to low-melting-point metals.

However, these problems have been examined from various angles in the past,
and some of them are currently being resolved. For more information, please refer
to specialized books [4]. In particular, with respect to (6), as described in this
chapter, it has become possible to weld many materials.

Fig. 11.3 Microstructures of a 1080 aluminum alloy joint. aMacrostructure, b optical microscope
and TEM observations. Micrographs courtesy of Professor Y. S. Sato
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11.2 Tool for High-Temperature Alloys

Most practical structures welded using FSW are made of Al alloys. Thus, it is
desired to establish an FSW technology for relatively high melting point materials
such as steel and Ti alloys. When joining aluminum alloys, an SK or SKD tool
steel, such as SKD61, is widely used. For the FSW of steels, on the other hand, high
strength, toughness, wear resistance, and nonreactive properties at high temperature
are required for the tool materials. In the initial study, a W alloy [10, 11] and Mo
alloy [11] have been used for the tool materials, and, subsequently, ceramic
materials, such as polycrystalline cubic boron nitride (PCBN) tools [20, 21] and
coated Si3N4 [22], and tungsten carbide [13–15, 17] have been used. Recently, a
high-strength and long-life Co alloy tool [23] and Ir alloy tool [24, 25] have also
been developed in Japan, which have made significant progress toward commer-
cialization. While the tungsten carbide tool is not suitable for welding over 1000 °
C, it is suitable for the FSW at the low temperatures of about 650–850 °C, which
enables the FSW below the A1 point [13–15]. Thus, it is desirable to select the
proper tool depending on the welding temperature and the material properties.

11.3 Friction Stir Welding of Ti Alloys—A Metal
Accompanied by Transformation

A typical Ti alloy, the Ti-6Al-4V alloy, is an a + b two-phase structure alloy at
room temperature, and it becomes a b single phase above the b transus of 980 °C.
For such a material having a transformation, it is possible to make a new type of
structure controlled by the FSW.

When performing a normal FSW, the temperature during welding exceeds the b
transus, and the lamellae a-phase is formed while maintaining the crystallographic
relationship during cooling. Accordingly, a microstructure consisting of the
lamellar a phase that precipitated in the b phase is obtained [26, 27]. On the other
hand, it has become apparent in recent years that the joint microstructure and
mechanical properties can be controlled by performing the welding below the b
transus, and the utility of FSW is shown [28–31]. Thus, by changing the welding
conditions for Ti alloys, it is possible to obtain an arbitrary lamellar or equiaxed
microstructure. Figure 11.4 indicates the maximum temperature and the cooling
rate at the center on the back surface of a 2-mm-thick Ti-6Al-4V alloy plate under
various welding conditions using a /12 WC-based tool. The cooling rate at this
time is the average value during the cooling period from the maximum temperature
up to 500 °C.

The highest temperature reached under the welding conditions of 1000 rpm–

400 mm/min is at 1050 °C, which exceeds the 980 °C of the b transus.
Furthermore, the cooling rate is much higher than that under the other conditions,
because the welding speed is greater. In general, although both the tool rotation rate
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and welding speed can affect the maximum temperature during the welding,
the rotation rate has a greater effect. On the other hand, the welding speed has a
greater effect on the cooling rate during the welding.

As the welding speed increases at the same rotation rate, the maximum tem-
perature decreases, and the cooling rate increases. In general, as the maximum
temperature is higher, the prior b grain size increases, because the grain growth
occurs in the b-phase temperature range. On the other hand, as the cooling rate
increases, the lamellar structure becomes finer.

Under the welding conditions of 300 rpm–25 mm/min, the maximum temper-
ature is the lowest at about 920 °C, which is considered to be clearly lower than the
b transus temperature. Under this condition, very fine grains are obtained in the stir
zone, but the prior b grains are not observed. This microstructure is obtained by
recrystallizing both the alpha and beta grains at the same time in the a + b phase
region by FSW. The size of the equiaxed grains is approximately 1–2 lm. Because
the mechanical properties, such as fatigue and toughness, are expected to improve
by obtaining the equiaxed microstructure, it is considered to be a more desirable
microstructure.

Based on all the abovementioned results, the relationship between the maximum
temperature, the cooling rate, and the microstructure can be summarized, as shown
in Fig. 11.5. The equiaxed microstructure is obtained when the maximum tem-
perature is less than the b transus during the welding. When the maximum tem-
perature is higher than the b transus, on the other hand, a lamellar structure is
obtained. In the case of the formed lamellar structure, the prior b grain size
increases as the maximum temperature increases. The microstructure is fine as
the temperature is reduced. On the other hand, the a lamellar structure formed in the
prior b grains is refined as the cooling rate is greater.
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Fig. 11.4 Peak temperature and cooling rate under various welding conditions for Ti-6Al-4V
alloy. Reprinted from Ref. [28], Copyright 2013, with permission from Elsevier
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11.4 Non-transformation Friction Stir Welding of Carbon
Steel

Since Thomas et al. showed the potential for the FSW of steel in 1999 [32], several
papers have been published on the FSW of steel such as carbon steel, [10–17, 33,
34], pure iron, steel IF (low-carbon steel) [13, 35–37], and stainless steel [38–43].
However, unlike the FSW of aluminum alloys or austenitic stainless steels, the
FSW of carbon steel is accompanied by a transformation, similar to the Ti alloys.
Accordingly, by controlling the transformation during the FSW, the joint strength
can be significantly changed, and various phenomena are observed [13–15, 34, 35].

Figure 11.6 [14] shows the typical microstructures of a high-carbon steel, S70C
(0.70% C), which is close to the eutectoid composition. When normal fusion
welding is used for such a material, the joint is very brittle and thus the welding is
very difficult, because brittle martensite is formed in the entire joint. When the
welding speed is decreased, the cooling rate is decreased. In this case, a
pearlite-based microstructure is formed, while almost 100% martensite is formed at
a typical welding speed such as 400 mm/min. Thus, the amount of martensite can
be controlled by the welding conditions.

By reducing the rotational speed, on the other hand, the peak temperature can
mainly be decreased. Under the 200 rpm–400 mm/min welding conditions using a
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Fig. 11.5 Effects of the welding temperature and cooling rate on the microstructure in the stir
zone of Ti alloys. Reprinted from Ref. [28], Copyright 2013, with permission from Elsevier
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WC-based tool, the peak temperature is below the A1 point (723 °C), indicating that
the welding can be performed without any transformation [14]. In this case, the
resulting microstructure consists of a very refined ferrite and globular cementite,
which is the ideal microstructure with both good strength and ductility. When the
rotation speed is increased, the peak temperature exceeds the A1 point, thus a very
hard and brittle microstructure is formed, while at 200 rpm, the hardness is slightly
increased from the base material, and the joint ensures a sufficient strength and
elongation.

Because this method can be performed, regardless of the carbon content of steel,
it may induce a significant change in the design and welding method of various
structures in the future. By performing welding at the low temperature of about
700–900 °C, which was not possible before, a flexible strength design becomes
possible in response to the user’s requests. A tungsten carbide (WC) tool is very
effective for this purpose.

This method can naturally be used for hypereutectoid steels. Figure 11.7 [44, 45]
shows the Charpy absorbed energy of SK85 (0.85% C) joints. When the peak
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2μm

200rpm 400rpm 800rpm

α+ C

Fig. 11.6 Change in the microstructure of a high-carbon steel, S70C (0.70% C) stir zone formed
below and above the A1. M: martensite, a: ferrite, C: globular cementite. Reprinted from Ref. [14],
Copyright 2007, with permission from Elsevier
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temperature is below the A1 point, the absorbed energy is increased by about three
times when compared to the joint obtained above the A1 point. The fracture surfaces
are also significantly changed.

11.5 Austenite Stabilizing Method by Friction Stir
Welding

Friction stir welding is a kind of large deformation process. Recently, a stabilization
phenomenon of austenite was reported [46]. This phenomenon is caused by the
large deformation of the austenite, when the friction stir welding is performed in the
austenite temperature range. Even in the thermal cycle in which the martensite is
usually formed, the martensite does not form, while the austenite remains.

Figure 11.8 shows a phase map of the weld center of a friction stir welded
Cr steel with the composition of 0.1 wt% C, 8 wt% Cr, 2 wt% W, 0.2 wt% V, and
0.04 wt% Ta. The friction stir welding was carried out at a constant 100 mm/min
welding speed, while changing the tool rotation rate in the range of 100–300 rpm.
At 100 rpm, the welding temperature was below the point A1 (850 °C), but it
exceeded the A1 at 300 rpm. At 200 rpm, the temperature of the upper half, which
was in contact with the tool, exceeded the A1, but the temperature of the lower half
was lower than the A1 point.

When the welding was performed at the tool rotational speed of 100 rpm, the
body-centered cubic (bcc) ferrite can be obtained. When welding at 300 rpm, on the
other hand, the face-centered cubic austenite is observed over the entire surface.
At this time, when this alloy is simply cooled at a comparable cooling rate, a mixed
structure of ferrite and martensite is obtained. Due to the high deformation during
the friction stir welding, the austenite is stabilized even in a composition where the
austenite is not stable, then the austenite is retained even at room temperature. As a
reference, the Ms point of this steel without any deformation is 400 °C. The
dislocation density in the steel increases due to the high deformation during the

Fig. 11.8 Phase map at the weld center of a friction stir welded Cr steel. The red color indicates
ferrite and the green color indicates austenite. a 100 rpm, b 200 rpm lower half, c 200 upper half,
d 300 rpm. Reprinted from Ref. [46], Copyright 2014, with permission from Elsevier
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friction stir welding, and thus the generation of martensite with the volume
expansion is restricted [46].

Most importantly, the stabilization of austenite induces the transformation-
induced plasticity (TRIP) effects [47] for the alloy compositions, in which the TRIP
does not normally occur, and thus the strength and elongation of the joints exceed
those of the base material. In other words, the retained austenite changes to
martensite during the tensile test. Figure 11.9 shows the stress–strain curve of the
joints obtained at three different rotation rates. At 100 rpm, the joint shows almost
the same strength as the base material, because no transformation occurs during the
welding, whereas in the case of 200 or 300 rpm, the strength and elongation of
the joints significantly exceed those of the base material. The fact that a compatible
strength with the base material was obtained is also revolutionary.

The above phenomenon is not only for a specific steel. The following results are
obtained when performing the friction stir welding of a structural steel having the
chemical compositions as shown in Table 11.1 (JIS-SCM420 Cr–Mo steel). Each
transformation point can be calculated from the chemical composition of the steel as
follows: the A1 point is 740 °C, the A3 point is 833 °C, and the Ms point is 429 °C
[48]. In order to improve its hardenability, Cr, Mn, and Mo have been added to this
steel, and thus the formation of ferrite and pearlite is moderately suppressed.

In the stir zone, the fcc phase, which represents the retained austenite, is
observed at a few percents in the bcc base material [49]. The average area ratio of

Fig. 11.9 Nominal stress–
strain curves of the Cr steel
joints obtained at three
different rotation rates.
Reprinted from Ref. [46],
Copyright 2014, with
permission from Elsevier

Table 11.1 Chemical compositions of SCM420 steel (mass%)

Fe C Si Mn P S Cu Cr

SCM420 Bal. 0.202 0.237 0.608 0.008 0.000 0.103 1.07
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the austenite at 100 mm/min and 400 mm/min is 2.0% and 3.0%, respectively,
although this was not observed in the base material. Thus, stabilization of the
austenite can be achieved by the friction stir welding, which cannot be obtained by
only a simple thermal cycle.

Figure 11.10 shows the nominal stress–nominal strain curve of the obtained stir
zones and base metal [49]. Both joints show a higher yield strength and tensile
strength than the base metal. The base material has a ferrite–pearlite structure, and
the stir zone has a complex microstructure consisting of fine ferrite, martensite,
and retained austenite. This difference in the microstructure has led to improvement
in the strength of the stir zone. On the other hand, the elongation has been improved
for both joints compared to the base metal. When comparing the two joints, the
joint obtained at the welding speed of 400 mm/min has a greater elongation. This is
because the quantity of the retained austenite content in the joint is high.

Figure 11.11 shows an X-ray diffraction profile measured before and after the
tensile test of the friction stir welded joint at the welding speed of 400 mm/min.
The peak of the austenite was not seen in the base material, but observed in the stir
zone before the tensile test. After the tensile test, on the other hand, the peak of the
austenite is not observed even in the stir zone. These results indicate that a
martensitic transformation from the retained austenite occurred during the tensile
test, suggesting that the TRIP effect causes such excellent tensile properties of the
joints. A larger amount of the retained austenite at 400 mm/min causes a greater
elongation.
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Fig. 11.10 Nominal stress–
nominal strain curve of the
SCM420 steel stir zones
obtained at different welding
speeds. Rotation rate:
400 rpm. Reprinted from Ref.
[49], Copyright 2016, with
permission from Elsevier
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11.6 Summary

Friction stir welding (FSW) was initially used only as a welding method, but some
other applications, such as surface modification, have been proposed. In particular,
the surface modification of steel, such as for knives, has already been commer-
cialized, and much research is being performed on the FSW of high-temperature
materials such as steel and Ti alloys. In addition, the FSW without transformation
and the stabilization phenomenon of austenite are very useful for practical appli-
cations, as shown in this chapter. FSW has a variety of possibilities for material
designs as well as welding. The FSW of stainless steel over 1 m/min and
8000 spots or more using one cheap tool for the spot FSW of steel seems to be
linked to future technologies. Even now, new technologies have been continuously
developed, and further development is also expected in the future.

40 60 80 100
2θ

FSW stir zone
400rpm

400mm/min
before tensile test

Base metal

FSW stir zone
400rpm

400mm/min
after tensile test

(111)γ

(110)α (200)α
(211)α

(220)γ(200)γ

α
γ

Fig. 11.11 X-ray diffraction profile measured before and after the tensile test of the friction stir
welded joint at the welding speed of 400 mm/min and rotation rate of 400 rpm
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Chapter 12
Soldering Process

Hiroshi Nishikawa

Abstract Soldering is the major micro-joining process for assembling printed
circuit boards of electronic products and is an important method of joining two
metals without melting of base metals. In light of the remarkable progress in recent
years in electronic products, the micro-joining process represented in soldering to
incorporate devices and components into such products has become an essential
technology. It can be truly said that soldering and electronics assembly technology
have progressed with electronic products. In this chapter, the status of development
and research of soldering and cutting edge joining process substituting for soldering
are explained. In particular, in the first half, we will discuss development in Japan
concerning lead-free solder, and the second half will look into research on materials
with the potential to replace high-lead-containing solder for high-temperature
applications.

Keywords Lead-free solder � High-temperature bonding � Nanoporous bonding
(NPB)

12.1 History and Definition of Soldering

12.1.1 Sn-Pb Solder

Soldering has an extremely long history, and it has been indispensable as a process
to join both similar and dissimilar metals. Lead-based solder seems to date to
3800 B.C., when it was used for artistic purposes to produce ornaments. This
process has been developed through repeated trial and error over many years. In
addition, understanding of the phenomena and characteristic related to soldering,
such as wetting, diffusion, and dissolution, has been deepened to develop and
establish this process.
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Solder is defined in the Japanese Industrial Standards (JIS) as a “filler metal with
a liquidus temperature of less than 450 °C”. It is also referred to as “soft solder”.
A typical example of soldering is a joining for a printed circuit board (PCB) with
high density in electronics products. The number of joints on one board for the
products exceeds several thousand points. One major advantage of the soldering is
that it can join thousands of parts collectively. Another advantage is that the
soldering can be conducted under the melting point of base metals. For a long time,
the most widely used solder was the Sn-Pb eutectic alloy, which has a melting point
of 183 °C. To be able to form a metallic bond with Cu at such a low temperature is
the key reason why the Sn-Pb eutectic solder has been used worldwide for so long.
The advantages of soldering are listed below.

• Enables a simultaneous joining of multiple points.
• Enables the formation of interconnection without melting or significant damage

to the base metal.
• Enables interconnection of dissimilar materials.
• Enables interconnection with superior electric and thermal properties.
• Enables hermetic sealing.
• Easily automated.

Further, the Sn-Pb eutectic solder had been the conventional filler metal for
electric and electronic assembly because the eutectic temperature of the Sn-Pb alloy
is not high enough to cause significant damage to the components when it is
mounted on the board, and there is also limited deformation of PCBs containing
resins. Furthermore, the quality of joints using the Sn-Pb eutectic solder is also high
because of the good wettability to the metal surface of the board [1].

For many years, the Sn-Pb eutectic solder was commonly used as a solder
material worldwide. However, in the last decade, lead-free solders become common
filler materials for soldering due to the restriction of the use of certain hazardous
substances (RoHS) in EU [2]. RoHS directive prohibits lead and five other materials
for electrical and electronic equipment. Then, awareness of environmental har-
monization and the demand to reduce environmental load, free of hazardous
substances are being promoted with urgency for them. So there was a switch to
lead-free solder, in which the quantity of harmful substances such as Pb was under
the permissible amount, and incidentally, the maximum permissible amount of Pb
allowed in lead-free solder under JIS Z 3282 is 0.10 mass% [3]. Lead-free soldering
technology has matured now.

12.1.2 Lead-Free Solder

In the 1990s, research on lead-free solder had been actively conducted in university
and industry, and prospective materials that could substitute for the Sn-Pb eutectic
solder were investigated for issues concerning material and joint characteristics
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such as (1) melting point, (2) wettability, (3) joint reliability (mechanical, electrical
and chemical), (4) cost, and (5) evaluation and test methods.

Figure 12.1 shows the main binary alloys with eutectic temperature or liquidus
temperature of less than 450 °C. In descending order of melting points, metals can
be arranged as Au, Pb, Sn, In, Bi, and Ga, and it can be seen that Sn is the only
lead-free metal with a melting temperature near that of the conventional Sn-Pb
eutectic solder. Mg (200 °C), Zn (199 °C), and Cd (176 °C) are among the ele-
ments with eutectic temperatures close to the temperature of the Sn-Pb eutectic
solder, but from the perspectives of wettability and environmental consciousness,
none of them can be used. As a result, Sn-3.5Ag (221 °C) and Sn-0.7Cu (227 °C)
have been deemed as suitable replacements for the Sn-Pb eutectic solder. However,
since the melting temperatures of binary alloys are clearly higher than that of the
Sn-Pb eutectic solder, most research conducted between 1995 and 2000 focused on
lowering the melting point of Sn-Ag binary alloy by adding In and Bi. In addition,
the effects of adding In and Bi on issues such as the melting point of the alloy,
wettability, mechanical qualities, and reliability of the joints were discussed [4–7].

Table 12.1 lists some lead-free solders and lead-free solders can be classified
according to the melting temperature range. They are divided into the five systems
in the JIS Z 3282 and ISO 9453 (2006). There are classified into the following five
systems: (1) high temperature, (2) middle high temperature, (3) middle temperature,
(4) middle low temperature, and (5) low temperature, separated by the liquidus line

20.5/ 13.5Sn

110/  33In

207/ 50Pb

144/ 3Ag
128/ 25.3Cd
120/ 49.1Sn

73/ 33.3In

245/ 5Sb
227/ 0.7Cu

199/ 8.8Zn
183/ 38.1Pb
176/ 32.3Cd

318/ 0.5Zn
304/ 2.4Ag

263/ 25In
252/ 11.1Sb

213/ 14.6Au

363/ 3.16Si
361/ 12.5Ge

278/ 20Sn

15/ 21.4In

126/ 44.8Pb
139/ 43Sn

Ga

Bi

In

Sn

Pb

Au

Fig. 12.1 Melting temperature of binary alloys with eutectic temperature or liquidus temperature
of less than 450 °C
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and solidus line temperatures. The most common lead-free solders in the world are
Sn-Ag-Cu system solders such as Sn-3.0mass%Ag-0.5mass%Cu solder for both
flow and reflow soldering in Japan. In the United States and Europe, it is standard
for solder compositions to contain large amounts of Ag and Cu such as
Sn-3.8Ag-0.7Cu. The ternary eutectic temperature of the Sn-Ag-Cu system is
217 °C. Furthermore, with high Ag prices, we are beginning to consider the use of
Sn-1.0Ag-0.5Cu as well as Sn-0.3Ag-0.7Cu, particularly in flow soldering in Japan.

12.2 Soldering Process

Soldering is an important process for assembling printed circuit boards of electronic
products. Soldering process can be classified into three types; flow soldering, reflow
soldering, and manual soldering. Flow soldering using a molten solder bath has
been in wide used for many years and is suitable for through-hole mounting due to
its cost advantages and high throughput for high-volume products. It mainly con-
tains three methods: dip soldering, drag soldering, and wave soldering. Then,
manual soldering is the traditional process used to join parts and component leads to
lands on the board using a soldering iron and flux-cored solder wire. The correct
selection of appropriate heat input and the shape of a soldering tip are important to
achieve solder joints without defect.

Table 12.1 Lead-free solder and their melting temperature range listed in standards

Solder Composition,
mass%

Solidus
(°C)

Liquidus
(°C)

High temperature: solidus
more than 217 °C liquidi
more than 225 °C

Sn-Sb Sn-5Sb 238 241

Sn-Cu Sn-0.7Cu 227 228

Sn-Cu-Ag Sn-0.7Cu-0.3Ag 217 226

Sn-Ag Sn-5Ag 221 240

Mid–high temperature:
solidus more than 217 °C
liquidus less than 225 °C

Sn-Ag Sn-3.5Ag 221 221

Sn-Ag-Cu Sn-3Ag-0.5Cu 217 219

Sn-3.5Ag-0.7CU 217 217

Sn-3.8Ag-0.7Cu 217 217

Mid temperature: solidus
less than 217 °C and
more than 150 °C liquids
more than 200 °C

Sn-Ag-Bi-Cu Sn-2.5Ag-1Bi-0.5Cu 213 218

Sn-In-Ag-Bi Sn-4In-3.5Ag-0.5Bi 207 212

Sn-8In-3.5Ag-0.5Bi 196 206

Mid–low temperature:
solidus more than 150 °C
liquidus less than 200 °C

Sn-Zn Sn-9Zn 198 198

Sn-Zn-Bi Sn-8Zn-3Bi 190 196

Low temperature: solidus
less than 150 °C liquidi
less than 200 °C

Sn-Bi Sn-58Bi 139 139

Sn-In Sn-52In 119 119
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Reflow soldering is the latest major process by the industry for surface mounted
components and high-density fine pitch packaging by using a solder paste. The
available heating methods of reflow soldering include infrared, hot gas, convection,
laser, and so on. Under reflow soldering, both heating and cooling steps are
important to the solder joint quality. It is understood that the heating and cooling
rate of the reflow process contributes to the final microstructure of the solder joint.
For example, as shown in Fig. 12.2, the microstructure of the solder matrix for laser
soldering is different from that for reflow soldering using a furnace. In laser sol-
dering, the size of the primary b-Sn phase is smaller than that of reflow soldering.
This size difference occurs because the cooling rate of laser soldering is much faster
compared with that of reflow soldering. Then, as shown in Fig. 12.2, laser soldering
is effective for reducing the formation of intermetallic compound layer (IMC) at the
solder/Cu pad interface and ensuring the impact reliability of the joint [8]. So, to use
appropriate heating method and heating conditions for reflow soldering is important
to achieve solder joints without defect.

12.3 Characteristics of Lead-Free Solder

Compared to the Sn-Pb eutectic solder, the well-known characteristics of the
Sn-Ag-Cu system solders are: (1) higher melting temperature ranges, (2) poor
wettability on base metals, (3) hardness of mechanical property, and (4) higher

10µm

10µm

Reflow soldering
(250 ℃, 60 s)

Laser soldering
(40 W, 1 s)

Microstructure of 
solder matrix

interface between 
solder and Cu pad

10µm

10µm

IMC
IMC

Solder Solder

uCuC

Fig. 12.2 Scanning electron microscopy (SEM) micrographs of the solder matrix and the
interface between the solder and Cu pad after laser and reflow soldering
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dissolution rate of solid metals. (1) and (2) are extremely basic issues, but
practically, Sn-Ag-Cu system solders can be used without the issues through
improvements in lead-free solder mounting technology such as a heating profile and
chemical flux revision.

On the other hand, for (3), there are concerns due to stress concentration in the
solder/substrate interface. Since this issue is significantly related to matters such as
drop impact resistance for portable devices including cellular phones and laptops,
an evaluation method for overcoming this problem is currently underway [9]. This
issue also has a significant relationship with the thermal fatigue characteristics of
solder, which are crucial to long-term reliability.

Concerning (4), the results of the immersion test of copper in molten solder kept
at a constant temperature indicates that Cu dissolution rate is clearly higher in
Sn-3.5Ag lead-free solder than in Sn-Pb eutectic solder. This high dissolution of
solid metal in molten lead-free solder and higher heating temperature due to a
higher melting point of the solder cause issues such as Cu line and Cu pad
disappear. Cu electrode thinning, and loss in fine bonding, which decrease the
reliability of the joints. Additionally, issues such as damage to stainless steel solder
baths and manual soldering iron tip used in flow soldering devices are becoming
pronounced. It was reported that the dissolution of iron in molten solder does occur
and the dissolution rate of iron in lead-free solders is greater than that in the
conventional Sn-Pb eutectic solder [10].

Although widespread use of Sn-Ag-Cu system solders as a standard composition
will not lead to a major change in the basic composition, there are attempts to
improve the existing characteristics by adding a minor element to overcome those
shortcomings mentioned above along with other issues. The effect of minor ele-
ments such as In, Ni, and Co has been explored to improve the properties of solder
and interfacial reactions [11–14]. For example, the effect of the addition of In on
binary eutectic Sn-3.5Ag solder was investigated [11]. They reported that
microstructure of the solder and the morphology of secondary phases in the solder
matrix changed accordingly. In the case of Ni and Co, the reactions between Cu and
the Sn-2.5Ag solders doped with 0.03 wt%Fe, Co, Ni were studied [12]. They
reported that adding Fe, Co, or Ni produced a much thinner Cu3Sn layer at the
interface in solid-state aging and thinner Cu3Sn layers might translate into better
solder joint strength. Then adding Fe and Co to reduce damage to iron-based
materials such as Fe plating were effective [10, 14].

By simply observing the process temperature and areas where Sn-Ag-Cu solder
can be used, it can be inferred that the lead-free soldering process has matured.
On the other hand, because of the diversification of electronic products and tech-
nological progress, there are certain temperature and areas where there is an unfilled
demand for a switch to lead-free or where this switch is delayed. Figure 12.3 shows
melting temperatures of main lead-free solders in a wide temperature range where
there is a demand for harmful substance-free joint materials due to the diversification
of electronic products in recent years. As shown in this figure, the focus of research
and development on lead-free technology in Japan has transitioned to how to
establish new interconnection technologies in low-temperature regions less than
150 °C as well as high-temperature regions more than 250 °C.
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12.4 High-Temperature Bonding

The RoHS directive currently exempts the use of high-lead-containing solders for
high-temperature soldering, as high-temperature soldering is a key technology for
electronic component assembly and other high-temperature applications. Pb-based
solders such as Pb-5Sn and Pb-10Sn have been used for the high-temperature
application. However, there is no guarantee that the exemption will last. The
replacement of Pb-based solder is preferable; however, no suitable alloys, and
materials have been developed. A strong drive thus exists to find lead-free alter-
natives for high-temperature joining process. Several materials and joining pro-
cesses have been proposed as alternatives to high-lead-containing solders. In the
case of an alloy, Au-, Zn- and Bi-based alloys have been investigated as lead-free
solder, but their widespread use is unlikely because of their inferior properties and
high costs [15–21].

Then, as a new joining process, sintering process using particles have also been
proposed as solder alternatives. Bonding conditions and shear strength of the joints
using some kinds of particles such as Ag nanoparticles, Cu nanoparticle, and oxides
are summarized in Table 12.2 [22–28]. Generally, some metals such as Ag and Cu
have high electrical and thermal conductivities compared to Sn-based solders.
These metals tend to have high melting temperatures. These properties make them
suitable for high-temperature joining process. For instance, one candidate process
that might be applicable for joining at a lower temperature is sintering. Standard
sintering procedure still requires relatively high joining temperature, although the
sintering temperature of the metallic particle is below its melting point. However,
related to using nanoparticles, it is well known that metallic nanoparticles sinter and
melt at temperatures lower than that for the bulk metal. The sintering behavior of
nanoparticles is of significant interest and the sintering behavior of metallic
nanoparticles has been exploited to join components to substrate.

250200150 300

Sn-Cu

Sn-Zn Sn-Sb

Sn-Bi

Lead-free solder

Temperature

Sn-Ag

Sn-Ag-Cu Pb-Sn

No good 
alternatives

No good 
alternatives

Fig. 12.3 Melting temperatures of main lead-free solders and demand for harmful substance-free
joint materials
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As shown in Table 12.2, Ide et al. reported achieving Cu-to-Cu bonding using
silver metallo-organic nanoparticles at 300 °C and an applied pressure of 1 or
5 MPa; shear strength of the resulting was 25–40 MPa [22]. Bonding was believed
to occur because of the large surface energy contributed by the nanoscale particles.
As Cu-to-Cu bonding using copper nanoparticles, Nishikawa et al. reported that the
effect of joining conditions on the shear strength of Cu-to-Cu joints using copper
nanoparticle paste was investigated and joints that were bonded at 400 C for 300 s
under an applied pressure of 15 MPa showed high shear strength around 40 MPa
[27]. However, there are some drawbacks of joining process using nanoparticle
pastes, for example, it is difficult to produce suitable nanoparticle pastes for the
process conditions and the residual organic materials after the joining process can
induce unexpectedly large gaps and voids in the joint area [23, 29].

To address these issues, we focus on nanoporous metals that are fabricated
through the dealloying method and propose that nanoporous bonding (NPB) using a
nanoporous metal without the need for any solvent, organic substance or flux [30].
A feasibility study has been conducted to determine whether a nanoporous metal
can be used for new joint material and the effect of bonding conditions on the shear
strength of NPB was investigated. Figure 12.4a shows scanning electron micro-
scopy (SEM) image of surface morphology of Au nanoporous sheet dealloyed by
immersing the sheet into 60% nitric acid at 25 ºC for 4 h, and Fig. 12.4b shows the
effect of bonding temperature on the shear strength of the Cu-to-Cu disc joints using
Au nanoporous sheet with dealloying time of 4 h. The specimens were heated for
30 min with 20 MPa applied pressure under a nitrogen atmosphere. The shear
strength of the disc joints increased with increasing bonding temperature. When the
bonding temperature was set to 350 °C, we could achieve an average shear strength
of around 25 MPa. The shear strength is higher than that of Pb-5Sn solder, which is
around 20 MPa. In the case of Ag nanoporous sheet, NPB using Ag nanoporous

Ligament size: 9.3±1.7 nm
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Fig. 12.4 Bonding test results using Au nanoporous sheet. a SEM images of surface
microstructure of Au nanoporous sheet after dealloying at 25 °C for 4 h. b Effect of bonding
temperature on the shear strength of Cu-to-Cu disc joints using Au nanoporous sheet with
dealloying time of 4 h. (Bonding time: 30 min, Applied pressure: 20 MPa, Atmosphere: N2)
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sheet without any organic substances was also successfully demonstrated.
Figure 12.5a shows SEM image of the NPB joint using ENIG(electroless
Ni/immersion Au)-finished Cu discs, and Fig. 12.5b shows the effect of bonding
temperature on the shear strength of the ENIG-finished Cu disc joints using Ag
nanoporous sheet with dealloying time of 3 h at 75 ºC. The SEM image reveals that
the Ag layer has a dense/porous sandwich structure, wherein the dense layer pro-
vides interfacial bonding between Ag and ENIG, and the dense layer exhibits good
contact with the ENIG surface. Then, as shown in Fig. 12.5b, the shear strength in
the air was 14.4 MPa at 200 ºC and gradually increased with increasing bonding
temperature up around 25 MPa at 350 °C. The NPB joints exhibited shear strengths
of more than 20 MPa above 300 °C. Consequently, NPB joints using Au nano-
porous and Ag nanoporous metals can be achieved with sufficient bonding strength
and this NPB is expected to be an alternative to high-Pb-containing solder. The
further innovation of micro-joining processes is a key to meeting the demands for
diversification of electronic products.
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Chapter 13
Metallurgical Characterization of Joined
Materials

Kazuhiro Ito

Abstract This chapter describes the two typical examples of joining performance
of structural and functional materials from the point of view of metallurgical
characterization. At first, friction stir processing (FSP) is an effective grain
refinement technique. FSP was conducted in the topmost 1-mm-thick layer of the
steel welds, achieving increase of its fatigue strength and toughness. The FSP
provided, for example, ultrafine equiaxial ferrite grains covered with thin layer
cementite in a certain condition, based on characterization using transmission
electron microscope. Second, a thin Ti-based self-formed barrier (SFB) formed by
annealing a Cu(Ti) alloy film deposited on dielectrics at elevated temperature is one
of the solutions to achieve low resistance and high reliability of Cu interconnects in
ultra-large-scale integration devices. Identification of SFB was conducted using the
electron diffraction, X-ray photoelectron spectroscopy, and Rutherford backscat-
tering spectrometry techniques. That identification indicates that SFB consists of
mainly amorphous Ti oxides, and its growth is concluded to be controlled by a
thermally activated process.

Keywords Friction stir processing �Welds � Fatigue strength � Cu interconnects �
Diffusion barriers

13.1 Introduction

This chapter describes characterization of joined materials for clarification of fun-
damental mechanisms controlling the joining performance of structural and func-
tional materials. In the author’s research experiences, metallurgical solutions are
presented for increasing fatigue strength/life of steel welds as an example of
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structural materials in Sect. 13.2 and for low-resistivity and high-reliability Cu
interconnects in ultra-large-scale integration (ULSI) devices as an example of
functional materials in the Sect. 13.3.

13.2 Microstructure-Controlled Increase of Fatigue
Strength and Toughness

13.2.1 Issues to Be Addressed in Mechanical Properties
of Steel Welds

Fatigue strength of steel materials ordinary increases with increasing their yield
stress, but fatigue strength of their weld joints does not increase [1]. To increase
fatigue strength of their weld joints, various surface treatment techniques such as
ultrasonic peening [2–8], hammer peening [9–12], shot peening [13, 14], and laser
peening [15] have been studied. The techniques provide compressive residual stress
beneath the surface of the materials due to compressive plastic deformation at the
surface. It means that the techniques make fatigue strength (the positive sign) look
larger by adding compressive residual stress (the negative sign) to improve its
appearance. However, it may not contribute to the improvement of their toughness.

On the other hand, friction stir processing (FSP), which is based on the principle
of friction stir welding, is an effective surface microstructural modification tech-
nique to increase fatigue strength of weld joints for aluminum alloys [16, 17].
Similarly, FSP on the steel weld joints can increase its fatigue strength [18]. FSP
provides grain refinement and homogenization. The following sections are pre-
sented as a practical example of microstructural modification-related increase of
fatigue strength and Charpy absorbed energy in the tungsten inert gas (TIG)-welded
SS400 plates.

13.2.2 Fatigue Strength Increase by FSP Microstructural
Modification

The automated TIG welding was conducted on commercially available 5-mm-thick
SS400 steel plates. FSP was performed on weld beads with small tungsten carbide
tools containing a 12-mm-diameter shoulder and a 0.8-mm-long and
4-mm-diameter probe. FSP tools were operated in Ar atmosphere in applied stress
control with counterclockwise rotation at 400 rpm and 140 mm/min (hereafter FSP
(H)) and at 200 rpm and 400 mm/min (hereafter FSP(L)) in welding direction.
Figure 13.1 shows surface and cross-sectional optical images of TIG-welded SS400
steel plates without FSP, with FSP(H), and with FSP(L). The weld metal was at
upper part center of the plates, and the heat-affected zone (HAZ), which exhibits a

204 K. Ito



grayish-white contrast, surrounds the periphery of the weld metal (Fig. 13.1b). The
FSP-modified region exhibits smooth grayish-white contrast at upper parts of the
TIG welds with about 1 mm in depth from the surface, and covered TIG welds and
HAZ (Fig. 13.1d, f). The heat input produced by FSP(L) was lower than that by
FSP(H).

Figure 13.2 shows relationship between applied stress amplitude ((rmax – rmin)/
2) and number of cycles to failure in three-point bending fatigue tests for these
TIG-welded specimens with and without FSP. The specimens for three-point
bending fatigue tests had a size of 2.7 � 60 � 5 mm3 and were prepared per-
pendicular to the TIG-welded and FSP beads. The three-point bending fatigue tests
were conducted at room temperature (RT) with a sinusoidal waveform at 20 Hz
with a stress ratio of 0.1 (a ratio of rmax to rmin) and with length of the support span
and radius of the punch were 25 mm and 5 mm, respectively. The number of cycles
to failure of the TIG-welded specimens exhibited log-linear increase with
decreasing stress amplitude (broken line). Similarly, the TIG+FSP(H) and TIG
+FSP(L) specimens with FSP(H) exhibited log-linear increase of the number of
cycles to failure in the stress amplitude range between 270 and 315 MPa (solid
lines), and their increasing rate was higher than that of the TIG-welded specimens
and that of TIG+FSP(L) (a red line) was much higher than that of TIG+FSP(H) (a
blue line). The TIG+FSP(H) and TIG+FSP(L) specimens exhibited 5.6 � 105 and
more than 5.0 � 106 cycles to failure at an applied stress amplitude of 270 MPa,

2 mm5 mm TIG

2 mm5 mm TIG+FSP(L)

2 mm5 mm

(f)

(b)

(d)

(a)

(c)

(e)

TIG+FSP(H)

Fig. 13.1 Surface and cross-sectional optical images of TIG-welded SS400 steel plates, a,
b without FSP, c, d with FSP(H), and e, f with FSP(L)
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respectively. Those are about 170% and more than 2000% increase in comparison
with the number of cycles to failure for the TIG-welded specimens. The dis-
placements of the TIG+FSP specimens were remarkably smaller than those of the
TIG-welded specimens. Similarly, the displacement of the TIG+FSP(L) specimens
at rmax was obviously smaller than that of TIG+FSP(H) specimens. Noted that
decreasing heat input by lower rotation speed and higher traveling speed (FSP(L))
dramatically increased fatigue resistance.

Microstructures of the TIG-welded, TIG+FSP(H), and TIG+FSP(L) specimens
were observed by scanning electron microscopy (SEM) equipped with an electron
backscattering diffraction (EBSD) pattern detector and transmission electron
microscopy (TEM). Figure 13.3 shows portions of cross-sectional SEM/EBSD
images beneath the surface of TIG-welded, TIG+FSP(H), and TIG+FSP(L) speci-
mens. FSP(H) and FSP(L) produced microstructure consisting of ultrafine equiaxial
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Fig. 13.2 S-N curves (stress
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cycles to failure) of the
TIG-welded, TIG+FSP(H),
and TIG+FSP(L) specimens
in three-point bending fatigue
tests at RT

001

111

101

ND

(a)

30 μm

(b) (c)

30 μm

TIG+FSP(H)TIG TIG+FSP(L)

Fig. 13.3 Cross-sectional SEM-EBSD images of a the TIG-welded, b TIG+FSP(H), and c TIG
+FSP(L) specimens
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ferrite grains with average grain sizes of about 2.6 lm (Fig. 13.3b) and 1.9 lm
(Fig. 13.3c), respectively. EBSD detected the crystal orientation of the grains with
the designating crystal structure, and body-centered-cubic ferrite was detected in
Fig. 13.3. The color indicates a grain normal direction (ND), which is parallel to
crystal orientation depicted in an inset figure in Fig. 13.3c. EBSD was simultane-
ously characterized by rolling direction and transverse direction in addition to ND.
The as-welded coarse grains were observed in the region below the FSP-modified
microstructure (at any depth in the range of about 1 to 5 mm from the surface),
which is similar to the SEM/EBSD image obtained beneath the surface of the
TIG-welded specimens (Fig. 13.3a). In the boundary between the ultrafine grains
and TIG-welded coarse grains, grains elongated and slanting downward were
observed. Increasing three-point bending fatigue resistance of the TIG welds with
FSP can be explained mainly by increasing stiffness of a surface portion due to
microstructure consisting of ultrafine grains produced by FSP. Decreasing FSP heat
input promoted further refinement of surface microstructure, leading to a significant
increase in their fatigue strength/life.

Figure 13.4a shows a portion of transverse-sectional TEM bright-field image
beneath the surface of the TIG+FSP(L) specimen. The bright-field image was
provided using transmission electrons. The TEM bright-field image with higher
magnification indicates black contrast at grain boundary of ultrafine ferrite grains
(Fig. 13.4a). To identify ferrite grains and the phase at grain boundary, selected
area diffraction (SAD) should be taken. The SAD image taken in the area sur-
rounded by a red circle in Fig. 13.4a is shown in Fig. 13.4b. Many diffraction spots
are observed and those are arranged regularly, and the distance from the electron
beam center and the diffraction spot pattern would provide the crystal structure and
plane index of a candidate phase. Figure 13.4b indicates that a single crystalline
cementite is located at the grain boundary. A dark-field image taken using the
diffraction spot of (210) indicated by a white circle in Fig. 13.4b is shown in

(

(210)

(332)
(131)

(a)

200 nm

Fe3C

(b)

(c)

Ferrite

Cementite

Ferrite

Ferrite

Ferrite 10 1/nm

200 nm

(210)

Fig. 13.4 A cross-sectional TEM bright-field image in a stir zone of FSP(L) fabricated on the TIG
weld in SS400 steel plates. b A SAD image obtained from the ferrite-grain boundary indicated by
a red circle in a. c A dark-field image taken using the diffraction spot of (210) indicated by a white
circle in b
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Fig. 13.4c. The phase originated only from the diffraction spot can be seen in the
dark-field image. The layer-type grain with white contrast can be seen at the grain
boundary in Fig. 13.4c. It looks a layer of cementite with thickness of several 10
nm. Based on similar TEM analysis, ferrite-grain boundaries were almost fully
covered with layers of cementite. The microstructure consisting of ultrafine ferrite
grains surrounded by layers of cementite increased fatigue strength. The TIG+FSP
(H) specimen provided similar microstructure consisting of ultrafine ferrite grains
and cementite phases at ferrite-grain boundaries. Its layer thickness became rela-
tively thicker with increasing heat input. In addition, some of them segregated in
grain boundary triple points into mass. Grain refinement as well as such the dis-
tribution of cementite contributes increasing fatigue strength of welds with FSP,
and its difference in the increase between the TIG+FSP(L) and TIG+FSP(H)
specimens can be explained by the difference of ferrite-grain sizes, and cementite
morphology and distribution.

13.2.3 Charpy Absorbed Energy Increase by FSP
Microstructural Modification

Microstructure consisting of ultrafine ferrite grains and cementite phases at
ferrite-grain boundaries is not on the Fe–C binary phase diagram and related dia-
grams. This can be a stress-induced new microstructure supported by FSP. Noted
that cementite is generally believed to be a brittle phase, and its presence at the
grain boundary is expected to degrade ferrite-grain-boundary toughness. However,
if cementite at ferrite-grain boundaries degraded its toughness, its fatigue strength
might be degraded. But actually it did not. Thus, to clarify high toughness of the
FSP-modified microstructure, the 2.5-mm-thick subsize specimens with a size of 10
� 55 � 2.5 mm3 for Charpy impact tests were prepared. The FSP-modified
microstructure was obtained in a limited area from the surfaces, and thus two sides
of the TIG-welded plates were thinned to 3.5 mm in thickness. FSP was performed
on each side of the plates with a small tungsten carbide tool. To make the
FSP-modified regions deeper/thicker, the tool probe length was made longer
(1.3 mm) than 0.8 mm for the preparation of the specimens for the three-point
bending fatigue tests. The specimens were prepared perpendicular to the
TIG-welded and FSP beads. The V notch with 2 mm in depth was produced in the
center of the surface with a size of 55 � 2.5 mm2 which is based on JIS Z2242. The
Charpy impact tests were conducted at 196 °C and in the temperature range
between –110 and 40 °C. Fracture surfaces of the TIG-welded specimens with and
without FSP were observed by optical microscopy and SEM after the Charpy
impact tests.

Figure 13.5 shows temperature dependence of Charpy absorbed energy of the
TIG-welded, TIG+FSP(H), and TIG+FSP(L) specimens. The plotted values of
Charpy absorbed energy were simply four times as much as the values obtained
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using the 2.5-mm-thick subsize specimens. The values of the TIG+FSP(H) and TIG
+FSP(L) specimens were much larger than those of the TIG-welded specimens in
all the temperature ranges. The TIG+FSP(H) and TIG+FSP(L) specimens exhibited
about 120 J and 110 J, respectively, in the temperature range between −110 and
40 °C, in comparison with about 80 J in the temperature range between −40 and
40 °C for the TIG-welded specimens. The value at −196 °C of the TIG+FSP(L)
specimen exhibited about 50 J, while that of the TIG+FSP(H) specimen exhibited
about 0 J. This indicates that a part of the FSP(L)-modified microstructure still
remained ductile at −196 °C.

Figure 13.6 shows SEM images of a fracture surface of the TIG+FSP(L) and
TIG+FSP(H) specimens after Charpy impact tests at −196 °C. The M-shaped
fracture surface was observed at the end portion of the V notch for the TIG+FSP(L)
specimen (Fig. 13.6a), and the enlarged SEM image of a red square area in
Fig. 13.6a shows dimple fracture similar to the case at −110 °C. The M-shaped
fracture surface is attributed to the remained TIG welds at the specimen center. This
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Fig. 13.6 SEM images of a fracture surface of a, b TIG+FSP(L) and c, d TIG+FSP(H) specimens
after Charpy impact tests at −196 °C. b, d enlarged SEM images in areas surrounded by squares in
a and c, respectively
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indicates that FSP(L)-modified microstructure remains ductile at −196 °C.
However, the Charpy absorbed energy at −196 °C decreased to about 50 J
(Fig. 13.5), and thus brittle fracture could be partly existed in the FSP(L) modified
regions. On the other hand, it is hard to see plastic deformation at the end portion of
the V notch for the TIG+FSP(H) specimen, and uniform brittle fracture surface was
observed (Fig. 13.6c). Enlarged SEM images of a blue square area in Fig. 13.6c
show brittle fracture with river patterns, indicating that FSP(H) modified
microstructure did not remain ductile at −196 °C. This is consistent with the
Charpy absorbed energy of about 0 J at 196 °C (Fig. 13.5). Further grain refine-
ment provided by FSP(L) with lower heat input than FSP(H) can decrease brittle–
ductile transition temperature, although the ultrafine ferrite-grain boundaries cov-
ered with brittle cementite layers. Cementite is generally believed to be a brittle
phase, but it did not degrade the Charpy absorbed energy. This suggests that FSP
modification for a topmost area of the welds is useful to increase fracture toughness
as well as fatigue strength of the welds, and the grain size of ultrafine grains formed
by FSP plays an important role in the increment.

13.3 Cu Interconnects in ULSI Devices Using Cu(Ti) Alloy
Films

Ultra-large-scale integration (ULSI) is a kind of assembly controlling the joining
performance of functional materials, and its technology contributes significantly to
our electronic information society. ULSI consists of transistors as the switching
devices and interconnects that connect between switches. Scaling down of tran-
sistors significantly contributes to device performance. Scaling down the transistor
size by, for example, one and a half, both the voltage and gate delay similarly
scaling down, and the power dissipation becomes one-fourth. Then device feature
size has reduced from micron-scale era into nanoscale era.

On the contrary, interconnect delay increased with decreasing gate size, although
the gate delay decreased. This suggests that total device delay reaches the minimum
at a critical gate size, and that further scaling down makes it increase. This leads to
changing Al interconnects into Cu interconnects, since Cu has a lower electrical
resistivity than Al, although Cu-interconnect metallurgy is entirely different from
Al-interconnect metallurgy in the issue of ULSI technology. For example, Cu dry
etching is somehow difficult, and thus a dual-damascene method is used for making
Cu interconnects. First, a groove is digged via so-called trench, and then Cu film is
electrochemically deposited, and finally, chemical–mechanical polishing was con-
ducted. One of the other issues is that Cu easily diffuses into dielectrics by which
Cu interconnect is surrounded. Thus, refractory metals and compounds such as Ta
and TaN are deposited between Cu and dielectrics as a diffusion barrier.

Large resistance–capacitance (RC) delay has been one of the critical issues in
Cu-interconnect fabrication as the device feature size has reduced to nanometer
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scale [19]. Resistivity increase due to barrier layers is becoming significant with the
reduction in line width of the Cu interconnects. Moriyama et al. [20] and Shimada
et al. [21] reported that significant resistivity increase is observed when the line
width decrease to smaller than 100 nm and a very thin barrier layer (<5 nm) is
required for the interconnects with a line width of *45 nm (an average grain size
of 450 nm) to achieve an effective interconnect resistivity of less than 4 lXcm. One
of the various methods to reduce the volume of barrier layers in Cu interconnects
[22–30] is annealing Cu alloy seeds at elevated temperatures, which is conven-
tionally called a self-formed barrier (SFB) technique. The SFB technique is
essential for reaction of solute atoms with dielectrics as shown in Fig. 13.7. The Ti
atoms in the Cu(Ti) alloy seeds can react with many kinds of dielectrics such as
SiO2, SiOC, SiCO, and SiCN, resulting in the formation of SFB with different
compositions [29]. In the following sections, characterization of Ti-based SFB
using TEM/energy-dispersive X-ray spectroscopy (EDS), X-ray photoelectron
spectroscopy (XPS), and Rutherford backscattering spectrometry (RBS), and
examples applied Ti-based SFB to the Cu dual-damascene interconnect for 45-nm
node of ULSI are presented.

13.3.1 Identification of Ti-Based SFB Using XPS

Figure 13.8 [28] shows cross-sectional TEM images and SAD images taken from
an area marked with a broken circle in the TEM images for an annealed Cu(Ti)/
SiO2 (Fig. 13.8a) and Cu(Ti)/Low-k1 (Fig. 13.8c) samples. Thin Ti-based SFB
layers are formed at the interfaces between a Cu(Ti) alloy film and dielectrics. They
consisted of polycrystalline TiSi on SiO2 (Fig. 13.8b) and TiC on Low-k1
(Fig. 13.8d). The kinds of the Ti compounds formed in the Ti-based SFB depended
on the kinds of dielectrics.

Although the amorphous phases in the barrier were not directly identified by the
TEM/SAD and secondary ion mass spectrometry analyses, an XPS technique with
simultaneous Ar etching was employed to investigate the structure of the Ti-based

Annealing at
elevated temp.

Deposition of 
Cu(Ti) alloy film

Cu(   )Ti TiTi Diffusion

Dielectric Layers

Self-formed Ti-based barrier
(diffusion barrier layer)

Red: Cu
Yellow: Ti

50 nm

TiOx
Dielectric Layers

Fig. 13.7 Schematic illustrations of Ti-based self-formed barrier (SFB) synthesis using Cu(Ti)
alloy films annealed at elevated temperature and its TEM/EDS mapping result [27]
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SFB and its compositions systematically with dielectrics. Figure 13.9a shows a
typical example of elemental depth profiles of the Cu(Ti)/SiO2 sample after
annealing in ultrahigh vacuum (UHV) at 600 °C for 2 h obtained by XPS wide
scans with simultaneous Ar etching (a schematic view of the measurements
depicted below the profile) [30]. Ti segregation was observed around etch times
between 18,000 and 25,000 s (at the interface), where oxygen and Si atoms were
also detected. To identify composition of the Ti-based SFB, XPS narrow scans
around the binding energies of Ti 2p, C 1 s, Si 2p, and N 1 s were performed.
Portions of the XPS spectra around the binding energies of Ti 2p (460 eV [31, 32])
obtained from the middle of Ti-based SFB (etch time of about 21,600 s) are shown
in Fig. 13.9b. They varied with dielectrics and were fitted by the sum of the XPS
spectra of TiO/TiC, TiO2, Ti2O3, and a background. Similarly, XPS spectra around
the binding energies of C 1 s, Si 2p, and N 1 s were fitted. Based on the fitting,
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Fig. 13.8 Cross-sectional TEM images of the a Cu(Ti)/SiO2 and c Cu(Ti)/Low-k1 after annealing
at 600 °C for 2 h in Ar, respectively. b and d are SAD images taken from the areas marked with
broken circles in a and c [28] (Copyright 2007 The Japan Society of Applied Physics)
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volume fractions of TiC, TiSi, TiN, TiO2, Ti2O3, and TiO phases were determined
by a ratio of each peak area to sum of peak areas.

Summary of the results is shown in Fig. 13.10, which is depth dependence of
composition of the Ti-based SFB in the annealed Cu(Ti)/dielectrics samples. In the
Cu(Ti)/SiO2 sample, Ti-based SFB mainly consisted of Ti oxides. The Ti oxides
were in amorphous state, since crystalline Ti oxides were not detected by TEM/
SAD analyses (Fig. 13.8a). A small amount of TiSi was observed in the Cu(Ti)/
SiO2, and its volume fraction increased near the interface between a Cu(Ti) alloy
film and Ti-based SFB. Similarly, Ti-based SFBs in the other samples (Low-k1 and
SiCN) consisted of a large amount of amorphous Ti oxides (50–75%), as shown in
Fig. 13.10. The crystalline TiC was observed in the annealed Cu(Ti)/Low-k1 and
Cu(Ti)/SiCN samples. TiN observed in the annealed Cu(Ti)/SiCN sample was in
the amorphous state. The volume fractions of a crystalline TiC phase were esti-
mated to be about 20%, and they have occupied a small part of the Ti-based SFB.
This is in good agreement with the previous study [29]. The crystalline Ti com-
pounds such as TiC and TiSi tended to form beneath the Cu(Ti) alloy films.
Some SAD patterns obtained in Cu(Ti)/Low-k1 and Cu(Ti)/SiCN samples showed
the orientation relationship between crystalline TiC and Cu grains (not shown here).
This is one of the evidence that TiC formed beneath the Cu(Ti) alloy films. On the
other hand, the amorphous phases such as TiOx tended to form above the dielectric
layers. Noted that a small amount of Cu was involved in the Ti-based SFB probably
as Cu2O based on XPS analysis. The set of amorphous Ti-oxide phases were
believed to form continuously above the dielectric layers, and play an important
role to prevent Cu diffusion into the dielectrics.

13.3.2 Ti-Based SFB Growth Characterized by RBS

The Ti-based SFB was formed by reaction between Ti atoms in Cu(Ti) alloy films
and constituent elements such as O, Si, and C in dielectrics. This suggests that the
growth of the Ti-based SFB depends on reaction temperature, time, and Ti
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concentration in the Cu(Ti) alloy film. To characterize growth mechanism of the
Ti-based SFB, its thickness was ordinarily observed by SEM and/or TEM as a
function of reaction temperature and time. However, the Ti-based SFB consisted of
multiple phases and preparation of many TEM samples due to nm-scale thickness
of the Ti-based SFB is complicated. Thus, growth of the Ti-based SFB was char-
acterized using RBS. Figure 13.11 shows principle of the RBS measurement and an
example of refinement plots placed upon the RBS spectrum of Cu(Ti)/Low-k1 after
annealing at 400 °C for 2 h [33]. The estimated molar amount of Ti atoms (n) is
consistent with the molar amount of Ti atoms reacted with dielectrics, which fol-
lows the reaction formula:

n ¼ Z � expð�E=RTÞ � tm; ð13:1Þ

where Z is a pre-exponential factor and E is the activation energy for the reaction.
The value of n is calculated by the following RBS theory [34]. The peak area (A) of
an element in an RBS spectrum in the product of the incident beam dose (Q), the
number of the element atoms in a unit of area (N), the scattering cross section of the
element atom (r), and the solid angle of the detector (X):

A ¼ Q � N � r � X: ð13:2Þ

The value of n was estimated by dividing N by Avogadro’s number of NA:

nðmol/m2Þ ¼ N=NA ¼ A=ðNA � r � X � QÞ: ð13:3Þ

The Ti peak depicted in Fig. 13.11b, for example, was fitted by a Gaussian curve
and an error function, and the A value was determined from the area under the fitted
curve. The values of Q, X, and r of Ti atoms were 3.12 � 1013 (10 lC), 3 � 10−3

(steradian), and 6.28 � 10−29 m2 (0.628 barn), respectively.
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Figure 13.12a, b shows plots of log n versus log t for Cu(Ti)/dielectrics with the
initial Ti concentrations of 5 at.% and 10 at.%, respectively, after annealing in UHV
at 400 °C. Those exhibit the growth behaviors of the Ti-rich SFB. The log n values
were found to be proportional to the log t values in all the samples, regardless of the
initial Ti concentration in the alloy films or the kinds of dielectric layers. The
m values were estimated from the slopes of the log n versus log t lines. They were
almost similar for all the samples regardless of the kinds of dielectric layers at each
initial Ti concentration in the alloy films. The similar m values suggest that growth
of the Ti-rich SFB was controlled by a similar mechanism, suggesting that growth
of the Ti-rich SFB is not controlled by lattice diffusion but by grain boundary and/
or interface diffusion. Arrhenius plots of log n versus 1/T in Cu(Ti)/dielectrics for
the initial Ti concentrations of 5 at.% and 10 at.% are shown in Fig. 13.12c and d,
respectively. The linear relationship suggests that the formation of the Ti-based
SFB was controlled by a thermally activated process. Slopes of the log n versus 1/
T lines at the initial Ti concentration of 5 at.% and 10 at.% were similar, corre-
sponding to the behaviors indicated in Fig. 13.12a, b. Activation energies, E, were
estimated from the slopes of the log n versus 1/T lines.

The E values were plotted as a function of C concentration of the dielectric
layers in Fig. 13.12e. The E values at the initial Ti concentration of 5 at.%Ti and 10
at.%Ti were similar. The E values for the samples consisting of dielectric layers
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containing carbon (except SiO2) tended to decrease with decreasing C concentration
(decreasing k), and those without carbon (SiO2) were much higher than others. This
indicates that the reaction of the Ti atoms in the alloy films with the low-k layers is
the most easily thermally activated process. Also, composition of the dielectric
layers is suggested to play an important role in the reaction of the Ti atoms with
dielectric layers, and the carbon may be a key element to control the reaction. This
is similar to the formation rule of Ti compounds (TiC or TiSi) in the Ti-rich
interface layers. The pre-exponential factors, Z, were estimated from intercepts of
the slopes in the log n versus log t lines (Fig. 13.12a, b) and log n versus 1/T lines
(Fig. 13.12c, d). The Z values estimated from two different sets of data were the
same at each initial Ti concentration and dielectric layer. The Z values of the Cu
(Ti)/dielectrics after annealing in UHV were plotted as a function of C concen-
tration of the dielectric layers, which is similar to the E behavior (Fig. 13.12f). The
pre-exponential factor shows the frequency with which the Ti atoms meet elemental
reactants in the dielectric layers. The frequency was low in the samples with low-k,
and was high in the samples with SiO2. In consequence, coefficients of the reaction
rate (Z�exp(−E/RT)) were insensitive to C concentration in the dielectric layers at
the initial Ti concentrations of 5 at.% and 10 at.%. These factors lead to the
conclusion that growth of the Ti-based SFB is controlled by chemical reactions,
represented by the Z and E values, of the Ti atoms with the dielectric layers,
although there are few diffusion processes possible in all the samples since the
m values suggest that it is controlled by grain boundary and/or interface diffusion.
We believe the activation energy relates the chemical bonding energy in the
insulator, and Z value relates the frequency that Ti atoms meet elemental reactants
such as O, C, and N in the insulators.

13.4 Summary

Surface microstructural modification by FSP is effective and practical for increasing
fatigue strength and Charpy absorbed energy of the TIG-welded SS400 plates.
What became clear in the research activities are threefold:

1. FSP(L) and FSP(H) produced microstructure beneath the TIG-welded surface,
consisting of ultrafine ferrite grains with average grain sizes of about 1.9 lm
and 2.6 lm, respectively. Decreasing heat input in FSP provided further grain
refinement, and the ferrite grains were surrounded with layers of cementite;

2. TIG+FSP(L) and TIG+FSP(H) specimens exhibited more than 5.0 � 106 cycles
and 5.6 � 105 cycles to failure at an applied stress amplitude of 270 MPa,
respectively. Those are more than 2000% and about 170% increase in com-
parison with the number of cycles to failure for the TIG-welded specimens;

3. Charpy absorbed energies for the TIG+FSP(L) and TIG+FSP(H) specimens
exhibited about 110 J in the temperature range between −110 and 40 °C, in
comparison with about 80 J in the temperature range between −40 and 40 °C
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for the TIG-welded specimens. The value at −196 °C of the TIG+FSP(L)
specimen exhibited about 50 J, in contrast, that of the TIG+FSP(H) specimen
exhibited about 0 J.

Deposition of Cu(Ti) alloy films on dielectrics and annealing at elevated tem-
perature provides a self-formed diffusion barrier as well as an adhesion layer at the
interface between the Cu(Ti) alloy film and dielectrics, and the formation was
characterized by TEM/SAD for crystalline phases, XPS for amorphous phases, and
RBS for growth of the Ti-based SFB. The Ti-based SFB technique can be applied
to Cu dual-damascene interconnects. What became clear in the research activities
are twofold:

4. XPS analyses showed that the Ti-based SFB consisted of mainly amorphous Ti
oxides. Formation of amorphous or crystalline Ti compounds such as TiC, TiN,
and TiSi was dependent on the kind of dielectric. Those amounts were lower
than that of amorphous Ti oxides;

5. RBS analyses showed that Ti-based SFB growth is controlled by a thermally
activated process. The E and Z values decreased with decreasing C concentra-
tion in dielectrics, suggesting that the growth is controlled by chemical reactions
of Ti atoms with dielectrics.
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Chapter 14
Plasma Processes for Functionalization
and Control of Materials Surface

Yuichi Setsuhara

Abstract Low-temperature and low-damage processing of materials is required for
formation of advanced devices with inorganic/organic hybrid structure, including
flexible electronics, photovoltaic cells, and biomaterials. For formation of
high-quality organic/inorganic hybrid devices, low-temperature, and low-damage
formation of high-quality inorganic functional layers (semiconductor and/or
transparent conductive oxide) on organic materials is required and ultra-fine con-
trol of interface structure is significant for avoiding considerable degradation of the
organic materials. In this chapter, low-temperature and low-damage processes with
plasma process technology have been described on the basis of low-damage plasma
production with low-inductance antenna (LIA) modules for sustaining inductively
coupled radio-frequency discharges, which can provide high-density and low-
damage plasmas.

Keywords Plasma process � Low-temperature and low-damage process �
Inorganic/organic device � Flexible device � Inductively coupled plasma �
Low-inductance antenna

14.1 Introduction

Plasma process technologies, which have been developed intensively and exten-
sively worldwide for more than three decades since last century, have made sig-
nificant progress as key manufacturing technologies for leading development of a
variety of industrial applications [1] ranging from surface modification of materials
[2, 3], protective coatings [4, 5] to advanced technologies including flat-panel
displays (FPDs) [6], thin-film photovoltaic cells [7], biomaterials [8], and micro-
electronics [9, 10].
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New challenges are still in progress to explore novel applications including
nanomaterial synthesis and nano precision control of materials surface. In other
words, the plasma process technologies have been developed and are developed as
key technologies to explore innovations. Especially, low-damage processing of soft
materials (polymers, biomaterials) [7] attract great attention for the development of
next-generation devices in inorganic/organic hybrid materials, which are expected to
offer a wide range of applications including flexible electronics [11] and advanced
ULSIs [12]. As a means of low-temperature processes and nanostructure formation,
plasma processes are considered as one of the most promising technologies.

For successful development of plasma process technologies for the formation of
organic/inorganic hybrid devices, it is significant to avoid unwanted degradation of
organic materials due to exposure with ions [13, 14], radicals [15], photons [16],
and electrons [17] during plasma processes because the bond-dissociation energies
of soft materials are comparatively lower than those of inorganic materials. Among
these processes, the plasma process damage due to ion bombardment is closely
related to bond-dissociation energies of the organic materials. The bond-
dissociation energies are, in general, about 4 eV for the C–CH3 bond, about
5 eV for the O–C(=O) bond, and about 8 eV for C=O bond [18]. In case of elastic
collision of an Ar+ ion with a carbon atom, it is required to lower the ion energy
below *7 eV in order to avoid bond dissociation of the O–C(=O) bond assuming
head-on collision of the Ar+ ion with the carbon atom [19]. Thus, it is significant to
develop plasma process technologies, which can lower ion energy impinging onto
the surface during the process.

In order to meet abovementioned requirements, low-damage plasma process
technologies have been developed via employing low-inductance antenna
(LIA) modules [20] to sustain inductively coupled plasma (ICP), which can provide
one of the solutions to realize high-density plasma production with lowered sheath
edge potential and active control of power deposition profiles over large area.
[19–29] Ion energy distributions measured with a mass-separated ion energy
analyzer showed significantly lowered ion energy at the sheath edge as low as
5 eV [27].

In this chapter, low-damage plasma process technologies are described on the
basis of plasma production with the LIA modules to sustain radio-frequency
inductively coupled discharges, which can provide one of the solutions to realize
high-density and low-damage plasma production and active control of power
deposition profiles over a large area. Furthermore, the development of low-damage
plasma process technology is required for low-temperature formation of high-
quality inorganic functional layers on organic materials. As one of the applications
gathering intensive attention for flexible electronics, the low-damage plasma source
has been applied to low-temperature formation of a-InGaZnO4 (a-IGZO) [30–33] as
transparent high-mobility semiconductor material for advanced FPDs via
plasma-assisted sputter deposition [34], with which a-IGZO thin-film transistor with
mobility as high as 15 cm2 V−1 s−1 was successfully formed from the as-deposited
a-IGZO layer without post annealing.
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14.2 Inductively Coupled RF Plasma for Low-Damage
Process

Plasma sources widely employed for materials processing are summarized in
Fig. 14.1, in which typical regions of discharge conditions are illustrated in accor-
dance with discharge gas pressure and frequency of the power source. The plasma
sources shown in Fig. 14.1 are designated in terms of the discharge regimes.With DC
voltage shown in the bottompart of Fig. 14.1, a variety of plasmas can be sustained via
DC magnetron, DC arc, and vacuum cathodic arc discharges. With higher frequen-
cies, nonequilibriumplasmas (gas temperature ismuch less than electron temperature)
can be generated at lower gas pressure regions. With increasing gas pressures, ther-
malization of electrons with heavy particles (gas molecules and ions) tends to elevate
gas temperatures to generate the so-called thermal plasmas (gas temperature is
equivalent to electron temperature), however, control of discharge generation can
avoid the gas heating to generate nonequilibrium plasmas, in which gas temperature is
maintained to be much less than the electron temperature, via employing special
designs including electrodes to be covered with dielectric materials, selection of gas
species, gas flow control, and application of pulse voltage or RF voltage rather than
DC voltage. Power sources with frequencies as high as the radio frequency (RF) are
widely used for sustainingRFmagnetron plasma, capacitively coupled plasma (CCP),
and inductively coupled plasma (ICP). TheRF power sources are also used to generate
thermal plasmas at higher pressure regions through inductive coupling. Microwave
power sources are employed to produce electron cyclotron resonance (ECR) plasma
and surface wave plasma (SWP). The microwave power sources can also be used for
the production of thermal plasmas and microplasmas.

Among the variety of the plasma sources, the ICP can be generated by applying
RF current at frequencies of 0.1–100 MHz to antenna conductor [1, 10]. Inductive

ECR

Vacuum cathodic arc

DC magnetron 

DC arc

ECR

ICP

CCP
RF magnetron

SWP 

Atmospheric pressure plasmas

Fig. 14.1 Plasma sources
widely employed for
materials processing
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electric field Eind is induced by sinusoidal temporal variation of RF magnetic field
Brf via RF current, following the Faraday’s law of induction (rot Eind = −∂Brf/∂t)
and the inductive electric field accelerates electrons to sustain discharge. The vector
differential equation implies that (a) the electric field induced by the RF antenna
conductor is in parallel along the antenna conductor and (b) the strength of the
induced electric field is in proportion to the amplitude of the RF current and the
frequency of the RF current.

Typical plasma density (electron density or ion density) of ICP is in the range of
1010–1012 cm−3, which is one or two orders of magnitude higher than that in capac-
itively coupled RF plasmas (CCP), in gas pressures in the range of 10−1–103 Pa.
In these typical discharge conditions, the electron temperature is much higher than
gas temperature, and thus, the ICPs generated in low-pressure regions are in
non-equilibrium state. Whereas, the ICPs sustained at higher pressures tend to be
thermalized to attain thermal equilibrium with increasing pressure.

An electrical circuit representation of ICP antenna and schematic illustrations of
RF voltage distribution along the antenna are shown in Fig. 14.2. When a sinu-
soidal RF current Irf is applied to the ICP antenna with an inductance L, the RF
voltage arising at the power end of the antenna V1 is given by V1 = xLIrf, where x
is an angular frequency of the RF current. Assuming that the RF current leakage to
the plasma is neglected, the RF voltage may be linearly distributed along the
antenna electrode as schematically illustrated in Fig. 14.2. Here, it is noted out that
the RF voltage is always present at the powered end of the antenna, and thus, the
electrostatic coupling of the RF voltage to the plasma is always present in the
generation of ICPs.

Reduction of the electrostatic coupling of RF antenna voltages to the plasma is
of great importance for ICP generation with lowered plasma potential, which is
significant for low-damage high-quality processing of materials. Furthermore,

Fig. 14.2 Electrical circuit
representation of ICP antenna
and RF voltage distribution
along the antenna
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considering the plasma source designs to satisfy the requirement for enlargement of
plasma sources toward a meter scale, increase of an antenna inductance, and hence
increase of an RF voltage amplitude arising at the antenna terminals cannot be
avoided with increasing source size, when the source employs a large loop-shaped
antenna.

Feasibility of high-density plasma production with suppressed electrostatic
coupling by lowering the RF voltage of the internal antenna has been demonstrated
via (a) the employment of antenna configurations with lowered antenna inductance,
which is roughly proportional to the square of turn numbers and the area size of the
loop, (b) lowering of the RF voltage amplitude by the antenna termination with a
blocking capacitor, and (c) dielectric isolation of the antenna conductor from plasma
[20]. As a novel technology to achieve low-voltage operation of ICPs suitable for
producing large area source with low-damage process capability, an internal antenna
configuration with multiple “low-inductance antenna (LIA) module”, as schemati-
cally shown in Fig. 14.3, was proposed [20]. The ICP production using the LIA
modules exhibited stable production of plasmas at RF input powers of 3 kW to attain
densities approaching as high as 1 � 1012 cm−3 at argon pressures around 1 Pa with
a simultaneous achievement of the suppression of the electrostatic coupling [20].

Furthermore, the lowering of the electrostatic RF voltage via a reduction in the
antenna inductance for sustaining ICPs has exhibited additional favorable features
for low-damage plasma processes via low-voltage operations of ICPs. The ion
energy distribution function (IEDF) attained in an ICP sustained with LIA at Ar at a
pressure of 13 Pa and with 13.56-MHz RF power of 1 kW is shown in Fig. 14.4,
together with a typical IEDF for conventional RF plasma source (CCP mode with

Fig. 14.3 Schematic
illustration of low-inductance
antenna
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larger potential fluctuation) for comparison. The peak ion energy in the IEDF for
the ICP sustained with the LIAs shows significantly lowered as being equivalent to
or less than 5 eV in comparison with conventional RF plasma sources. Moreover,
the IEDF for the ICP sustained with the LIA showed a very narrow energy width of
about 2 eV, which is significantly narrower than that for the conventional RF
plasma sources.

14.3 Plasma Interactions with Organic Materials

In this section, the effects of argon plasma exposure onto the surface of soft
materials are described on the basis of chemical bonding states analysis via con-
ventional X-ray photoelectron spectroscopy (XPS) [19]. Polyethylene terephthalate
(PET) film has been selected as a test material for investigations in the present study
not because of its specific applications, such as a substrate material, but because
PET is one of the well-defined organic materials containing a variety of major
components in a variety of functional soft materials; C–C main chain, CH bond,
oxygen functionalities (O=C–O bond and C–O bond), and phenyl group.
Especially, changes in the phenyl group due to argon plasma exposures have been
investigated in the present article in order to examine plasma interactions with
p-conjugated component, which is in charge of electronic functions in many of the
p-conjugated electronic organic materials to be utilized as a functional layer for
advanced flexible device applications.

Argon plasmas for this investigation were generated in a plasma chamber with a
500-mm inner diameter and 200-mm height, which was connected to a diffusion
chamber with a 500 mm inner diameter and a 400 mm height, as previously
reported elsewhere [19–21]. The LIA modules consisted of a U-shaped antenna
conductor, which was fully covered with dielectric tubing for complete isolation

Fig. 14.4 Ion energy
distribution function (IEDF)
measured in an ICP sustained
with LIA modules in Ar gas at
a pressure of 13 Pa and with
13.56-MHz RF power of
1 kW with typical IEDF for
conventional RF plasma
source (CCP mode with large
potential fluctuation) for
comparison
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from the plasma. Eight LIA modules with a 70 mm width and a 160 mm height
were mounted on the top flange of the chamber and were coupled to an RF power
generator at 13.56 MHz via a matching network. A water-cooled substrate holder
was placed at a distance of 297 mm from the top flange. The base pressure of the
chamber evacuated with a turbo-molecular pump was 3 � 10−4 Pa.

Ion energy distribution function (IEDF) of the ions impinging onto the ground
potential from the plasmas was measured using a mass-separated ion energy ana-
lyzer (Hiden, EQP500), which was mounted beside the substrate holder [27].

For investigations of the plasma–polymer interactions, PET films (0.1 mm thick)
were exposed to argon plasmas sustained at an RF power of 1000 W at Ar pressures
of 0.67–26 Pa. Here, it is noted that the PET films were set on water-cooled
substrate holder when they were exposed to the plasmas.

Chemical bonding states at nanosurface layer of the PET films exposed to argon
plasmas were analyzed using conventional XPS. The XPS analysis was performed
using AXIS-165x spectrometer (SHIMADZU Corp., JAPAN) with non-
monochromatized MgKa radiation (photon energy of 1253.6 eV). The conven-
tional XPS analyses were carried out directly after plasma exposure without the
formation of any additional conductive coating on the sample surface due to charging
suppression function of the spectrometer. Here, it is also noted that the PET samples
were taken out to the air after the plasma exposure before the XPS measurements.

Before the plasma exposure experiment, the IEDF of the argon ions impinging to
the ground potential through the sheath edge of the argon plasmas were measured
using the mass-separated ion energy analyzer. Peak values of ion energy distributions
decreased from 15 eV to 6 eV with increasing Ar pressure from 0.67 Pa to 26.6 Pa
(15 eV at 0.67 Pa, 13 eV at 1.3 Pa, 9 eV at 6.5 Pa, 7 eV at 13 Pa, and 6 eV at 26 Pa)
[29]. Furthermore, the ion bombardment energy onto nonconductive substrate (the
PET film in the present investigation) is almost equivalent to the potential drop from
plasma potential to the floating potential. As reported in the previous work, the
potential drop of argon plasma was in the range of 3–15 eV for Ar pressures of
0.26–13 Pa (15 eV at 0.26 Pa, 8 eV at 1.3 Pa, and 3 eV at 13 Pa) [29].

Chemical bonding states of the PET films exposed to argon plasmas were
examined via conventional XPS. The PET films were exposed to argon plasmas
sustained at an RF power of 1000 W and argon pressures of 0.67 Pa–26 Pa with an
ion dose of 4.3 x 1018 ions/cm2. The photoelectron C1s spectra for PET films
without and with exposure to argon plasmas with a variation of argon pressures are
shown in Fig. 14.5. The C1s spectra of the PET samples can be deconvoluted into
following components; C–C bond at 284.6 eV, C–O bond at 286.1 eV, C=O
bond at 287.4 eV, O=C–O bond at 288.6 eV, and p–p* shake-up satellite at
291.2 eV [19].

The C1s XPS spectra show that the exposure with the argon plasmas tended to
degrade the O=C–O bond and the C–O bond with a slight increase of the C=O bond
with decreasing argon pressure (i.e., increasing ion energy) [19, 29]. These ten-
dencies of the variation of the chemical bonding states indicate that the scissions of
the O=C–O bond and the C–O bond are significantly enhanced by increasing
energy of the ion bombardment and the scission of the O=C–O bond may result in
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formation of the C=O bond. Here, it is noted that the raw PET sample before the
plasma exposure shows that the photoelectron component corresponding to the
C=O bond is insignificant because the carbon atom with an oxygen double bond
(C=O) is bonded also with another neighbor oxygen atom via single bond and a
carbon atom in the pristine molecule of the PET material, thus the photoelectron
corresponding to the C=O bond is not present in the pristine PET. Thus, the slight
increase in the C=O bond component with increasing ion energy is considered to be
due to the bond scission of O=C–O structure to form the C=O bond with a dangling
bond.

Additionally, it is remarkable to stress here that the degradation of the oxygen
functionalities (the O=C–O bond and the C–O bond) during the plasma exposure at
26 Pa was insignificant, indicating that the suppression of the plasma process
damage may be feasible via controlling the ion bombardment energy below *6 eV
during plasma processing of polymers as previously reported elsewhere [19, 29].

Furthermore, in order to examine the effect of the argon plasma exposure on the
phenyl group, which is considered to be one of the essential components in a
variety of functional organic molecules especially for electronic functions, the
C1s XPS spectra to highlight the phenyl group (p ! p* shake-up satellite peak) are
shown in Fig. 14.6, in which the spectra in Fig. 14.5 are expanded vertically in the
intensities with the C-C bond intensity normalized. Peak–area ratio of p ! p*
shake-up satellite peak to C-C bond (Ip!p*/IC–C) evaluated from the XPS C1s
spectra are summarized in Fig. 14.7 as a function of the peak ion energy measured

Fig. 14.5 Photoelectron C1s
spectra for PET films before
and after exposure to argon
plasmas with a variation of
argon pressures (or ion
bombardment energy)
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with the mass-separated ion energy analyzer. The p ! p* shake-up satellite peak
intensity clearly decreased after the plasma exposure with ion bombardment energy
above 6–7 eV.

These results indicate that it is possible to prevent the degradation of C–O bond,
O=C–O bond and phenyl group via controlling argon pressure to suppress the ion
energy less than 6 eV as previously reported elsewhere [19, 29]. Furthermore, Here it
should be stressed that exhibition of the remarkable variation in the peak–area ratio of
p ! p* shake-up satellite peak to C–Cbond as shown in Fig. 14.7 is considered to be
due to extremely narrow energy width in the IEDF of approximately 2 eV in the
present plasmas sustained with the LIAs. This means that significantly fine control of
bond dissociation can be feasible with the present plasma technology, which can
control the IEDF with very narrow width due to low-voltage operation of ICPs.

These findings described above indicate that it is significant to control the ion
bombardment energy or the ion energy distributions sufficiently below the threshold

Fig. 14.6 XPS C1s spectra to highlight the phenyl group for PET films; a without plasma
exposure and with exposure to argon plasmas sustained at an RF 1000 W at argon pressure of
b 26 Pa and c 13 Pa

Fig. 14.7 Variation of the
peak–area ratio of p ! p*
shake-up satellite peak to C–C
bond (Ip!p*/IC–C) evaluated
from the XPS C1s spectra
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value, which may provide advanced process technology to realize “bond engi-
neering” of the organic molecules of interest for the development of advanced
flexible devices.

14.4 Summary

In this chapter, plasma-process technologies for low-damage processing of mate-
rials were described on the basis of plasma production with low-inductance antenna
(LIA) modules to sustain ICPs. The design issues and basic background involved in
the plasma sources were briefly reviewed and feasibility of low-damage plasma
sources were shown for the ICPs sustained with the LIAs. The interactions between
argon plasmas and the PET films were examined for investigations of physical
damages induced by plasma exposures to the organic material via chemical
bonding-state analyses via conventional XPS. The results indicate that it is sig-
nificant to control the ion bombardment energy or the ion energy distributions
sufficiently below the threshold value of interest, for development of successful
processing of soft materials, especially for development of advanced flexible
devices via formation of the structure with inorganic functional layers and/or
electrodes to be stacked on organic functional materials as functional layers.
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Chapter 15
Laser-Induced Processes
for Functionalization of Materials
Surface

Masahiro Tsukamoto

Abstract Femtosecond laser-induced process, periodic nanostructures formation,
for the creation of new functions on a titanium dioxide (TiO2) film is reviewed in
this chapter. It has recently been reported that coating a TiO2 film on Ti plates may
improve the biocompatibility of Ti. The periodic nanostructures have useful effects
on the control of cell spreading. The scanning of femtosecond laser at wavelengths
of 388 and 775 nm successfully produces periodic nanostructures on TiO2 film
through the laser ablation process. The periodicity of nanostructures formed with
those wavelengths are calculated using the surface plasmon polariton (SPP) model.
The experimental results with those wavelengths were in the ranges of the calcu-
lated period, respectively. This suggests that the mechanism for the formation of
periodic nanostructures on TiO2 film by femtosecond laser irradiation is due to the
excitation of SPPs.

Keywords Femtosecond laser � Periodic nanostructures � Cell spreading � Surface
plasmon polariton

15.1 Introduction

15.1.1 Materials Surface for Cell Spreading

Titanium (Ti) is an attractive biomaterial because of its excellent chemical resis-
tance and high strength. However, Ti has problems for long-term applications and
biofunction [1]; therefore, its biocompatibility must be improved. It has recently
been suggested that coating a titanium dioxide (TiO2) film on Ti plates may
improve the biocompatibility of Ti [2–4]. A method for coating a TiO2 film on Ti
plate using an aerosol beam has been developed [5, 6]. The beam is composed
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of submicron-sized functional ceramic particles and helium gas. The thickness of
the film can be controlled to approximately several micrometers.

Controlling the cell spreading on biomaterials is another useful method to
improve the biocompatibility of Ti plates [7]. Increasing endothelial cell functions
[7], anisotropic morphogenesis of bone tissue [8] and control of differentiation [9]
have been achieved for biomaterials by the control of cell spreading. Thus, the
control of cell spreading on biomaterials is important for the development of
advanced biomaterials. The formation of periodic nanostructures on biomaterials is
a useful method for the control of cell spreading [7, 9, 10].

15.1.2 Periodic Nanostructures Formation
with Femtosecond Lasers

Femtosecond lasers can be used to form periodic nanostructures on metals [11–14],
semiconductors [15–24], and inside transparent materials [25, 26]. Periodic
nanostructures are self-organized on the laser focal spot. The nanostructure period
is dependent on the wavelength of the femtosecond laser. The directions of the
grooves of periodic nanostructures lie perpendicular to the laser electric polarization
vector. It has already been reported that periodic nanostructures perpendicular to the
laser electric polarization vector were formed on TiO2 films with a femtosecond
laser using the fundamental wavelength of 775 nm [21]. The period of these
nanostructures was approximately 230 nm, which is much shorter than the laser
wavelength. Cell testing revealed that cells spread along the grooves of the periodic
(230 nm) nanostructures, whereas cell spreading did not have a definite direction on
a film without periodic nanostructures [21]. The effect of the nanostructure period
on cell spreading has been investigated [27].

15.1.3 Mechanism Proposed for Periodic Nanostructures
Formation

The mechanism for the formation of periodic nanostructures on the film should be
investigated. Various mechanisms have been proposed for the formation of periodic
nanostructures, such as second-harmonic generation [15, 17], self-organization due
to nonequilibrium surface [22], formation of nanoplasma [23], and a refractive
index change during femtosecond laser irradiation [24]. For semiconductors, the
period of the nanostructures is much shorter than the laser wavelength. However,
there is no mechanism applicable to the formation of periodic nanostructures
comprised of different materials. Recently, it was reported that the formation of
periodic nanostructures with a femtosecond laser can be attributed to the excitation
of surface plasmon polaritons (SPPs) in the glassy carbon layer formed on a
diamond-like carbon (DLC) surface [18]. Calculations using the SPP model
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reproduced the observed nanosize periodicity. The SPP model can also be applied
for periodic nanostructures formed on Si [19] and GaN [20]. It was suggested that a
multiphoton process may occur on a TiO2 film (TiO2 band gap of 3.2 eV) during
femtosecond laser irradiation with a wavelength of 775 nm (photon energy of
1.6 eV) [28, 29], as shown in Fig. 15.1a. Thus, a high electron density region could
be formed in the film, as shown in Fig. 15.1b. SPPs may be excited at the interface
between the high electron density region and the film, as shown in Fig. 15.1b. SPPs
may also be excited by femtosecond laser irradiation with a wavelength of 388 nm
(photon energy is 3.2 eV) because electrons could be excited by a one-photon
process, as shown in Fig. 15.1a. Hence, periodic nanostructures could also be
formed on a film using a femtosecond laser with a wavelength of 388 nm.
Calculation of the periods with different laser wavelengths, 775 and 388 nm, using
the SPP model has been investigated as Sect. 15.2 shows.

15.2 Surface Plasmon Polaritons Model

Multi- or one-photon processes may occur in the film by femtosecond laser irra-
diation at wavelengths of 775 and 388 nm, respectively (Fig. 15.1a). The incident
femtosecond laser pulse produces a high electron density region in the film, as
shown in Fig. 15.1b. Using the Drude model for electrical conduction, the relative
refractive index of the high electron density region in the film is calculated as

Fig. 15.1 a Multiphoton
process in a TiO2 film with
femtosecond lasers with
wavelengths of 775 and
388 nm, respectively.
b Formation of high electron
density region on the film
surface and excitation of SPP
interface between high
electron density region and
the film
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ehigh ¼ eTiO2 �
x2

pb

x2
0 þ ix0=s

; ð16:1Þ

where ehigh is the relative dielectric constant of the high electron density region in
the film, eTiO2 is the relative dielectric constant of TiO2, xpb is the plasma frequency
with the dielectric constant of a vacuum, x0 is the incident light frequency in a
vacuum, and s is the Drude damping time for free electrons. The plasma frequency
xpb is calculated using

x2
pb ¼

Ne2

e0m �m ; ð16:2Þ

where N is the electron density, e0 is the dielectric constant of a vacuum, e is the
electron charge, m is the electron mass, and m* is the optical effective mass for
carriers [30].

When the dispersion relation is satisfied [31], the SPPs can be excited at the
interface between the high electron density region and the film:

kSPP ¼ k0
ehigheTiO2

ehigh þ eTiO2

� �1=2

; ð16:3Þ

where kSPP is the plasmon wave number, k0 is the wavenumber of the incident light
in a vacuum. The optical near-field in the interface is enhanced along the laser
polarization direction, at the half SPP wavelength, due to the spatial standing wave
of SPPs [18–20]. The nanostructure period may thus correspond to half of the SPP
wavelength [18–20]. The SPP wavelength is calculated as

kSPP ¼ 2p
Re kSPPf g ; ð16:4Þ

where Re{kSPP} is the real part of kSPP. The nanostructure periodicity in the film,
dTiO2, is calculated as dTiO2 = kSPP/2. The relative dielectric constant of TiO2 for a
wavelength of 775 nm, eTiO2 (775 nm) = 7.83 + 0.45i [32] and the relative
dielectric constant of TiO2 for a wavelength of 388 nm, eTiO2 (388 nm) = 12.18
[32], were used in the calculation of kSPP. In addition, m* = 0.8 [33] and s = 1 fs
[30] were used for both wavelengths of 775 and 388 nm.

Figure 15.2a shows the period dTiO2 = kSPP/2 of the nanostructures produced by
femtosecond laser irradiation at 775 nm and the real part of the relative dielectric
constant of the high electron density region Re{ehigh} calculated as a function of
electron density. The condition of Re{ehigh} < 0 must be satisfied for the excitation
of SPPs [31], which is indicated by the shaded region of N > 1.4 � 1022 cm−3

shown in Fig. 15.2a. The calculated periods with the wavelength of 775 nm are in
the range from 120 to 260 nm, as shown in Fig. 15.2a. For the wavelength of
338 nm, the period and the real part of relative dielectric constant of the high
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electron density region were also calculated as a function of electron density, and
are shown in Fig. 15.2b. The condition of Re{ehigh} < 0 must be satisfied for the
excitation of SPPs, which is indicated by the shaded region of N > 7.6 � 1022

cm−3 shown in Fig. 15.2b. The calculated periods for a wavelength of 388 nm are
in the range from 40 to 170 nm, as shown in Fig. 15.2b.

15.3 Femtosecond Laser-Induced Periodic Nanostructures
on TiO2 Film

Periodic nanostructures were produced on a TiO2 film by irradiation with a fem-
tosecond laser at wavelengths of 388 and 775 nm. The irradiated area was then
observed using scanning electron microscopy (SEM) and the periodicity of the
nanostructures was examined. The period was calculated for the different wave-
lengths using the SPP model described above to assess the validity of the SPP
model for the formation of periodic nanostructures on TiO2 films.

Fig. 15.2 a Periods of the
periodic nanostructures with
the femtosecond laser whose
wavelength of 775 nm and
real part of the relative
dielectric constant of high
electron density region ehigh
calculated as a function of N
electron density. b Periods of
the periodic nanostructures
with the femtosecond laser
whose wavelength of 388 nm
and real part of the relative
dielectric constant of high
electron density region ehigh
calculated as a function of N
electron density
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15.3.1 Methods for Formation of Periodic Nanostructures
on TiO2 Film

The TiO2 film was produced on a pure Ti plate by aerosol beam irradiation [5, 6].
An aerosol beam was formed by mixing TiO2 particles and helium gas. The
diameters of the TiO2 particles were between 100 and 1000 nm. The particles were
accelerated by the helium gas flow to velocities of several hundred meters per
second. Impact of the particles with the substrate resulted in film deposition on the
substrate. The thickness of the resultant film was approximately 5 µm.

Schematic diagrams of femtosecond laser irradiation and the scanning direction
are shown in Fig. 15.3a and b, respectively. A commercial femtosecond Ti:sapphire
laser system was employed and is based on the chirped pulse amplification tech-
nique. The wavelength, pulse duration, repetition rate and beam diameter for the
femtosecond laser were 775 nm, 150 fs, 1 kHz, and about 5 mm, respectively. The
laser wavelength of 388 nm was obtained with a harmonic generator. The laser
beam was focused on the film surface using a lens with a focal length of 100 mm.
The Gaussian laser beam had a diameter of 60 lm (at the 1/e2 intensity points) on
the film surface. The femtosecond laser focal spot was scanned over the film surface
using an XY stage to form periodic nanostructures, as shown in Fig. 15.3b. The
scanning speed was fixed at 0.1 mm/s. Laser fluences with wavelengths of 388 and
775 nm were 0.25 and 0.35 J/cm2, respectively. The periodicities of the nanos-
tructures formed on the film were examined using SEM. The periodicity was cal-
culated according to the SPP model.

(a)

(b)

Fig. 15.3 a Schematic
diagram of the experimental
setup for femtosecond laser
irradiation and b scanning
direction of the femtosecond
laser focusing spot
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15.3.2 Periodic Nanostructures Formation on TiO2 Films

Figure 15.4a shows an SEM image of the bare film surface (no laser irradiation).
SEM images of the film surface after scanning of the femtosecond laser spot at
wavelengths of 388 and 775 nm are shown in Fig. 15.4b and c, respectively.
Figure 15.4b, c show laser irradiated area in the center region. No periodic
nanostructures were observed on the nonirradiated film surface, whereas periodic
nanostructures lying perpendicular to the laser electric polarization vector E, were
formed on the area irradiated with the laser at a wavelength of 388 nm (Fig. 15.4b).
Periodic nanostructures were also formed on the area irradiated at a wavelength of
775 nm (Fig. 15.4c).

The periodicity of the nanostructures shown in Fig. 15.4b, c were examined as a
function of the laser wavelengths and the results are shown in Fig. 15.5. The period
of the nanostructures on the film was increased from 130 to 230 nm as the laser
wavelength was increased from 388 and 775 nm. These periods with 130 and
230 nm were average values from SEM measurement. The standard deviation of
the period with approximately 130 and 230 nm is about 10 and 10 nm, respec-
tively. Thus, the nanostructure period on the film was 30% of the femtosecond laser
wavelength. Figures 15.2a and 15.5 show that the experimental result of approxi-
mately 230 nm is in the range of the calculated period for a wavelength of 775 nm.
The experimental result of approximately 130 nm is in the range of the calculated
period for a wavelength of 388 nm, as shown in Figs. 15.2b and 15.5. These results
suggest that the mechanism for the formation of periodic nanostructures on TiO2

film by irradiation with a femtosecond laser is due to the excitation of SPPs.
S. K. Das et al. reported that periodic nanostructures were formed on rutile type

TiO2 single crystals [15]. They observed periods of 170 nm with the laser wave-
length of 800 nm on TiO2 single crystals in which explained by interference
relation d = k/(2n sinh), where d is period of the periodic nanostructures, k is the
wavelength of the incident radiation, n is the corresponding refractive index of the
material, and h is the half angle between two interfering partial beams. From
interference relation d = k/(2n sinh), calculated periods were in the range from
140 to 160 nm (n = 2.78 or 2.52), which is slightly shorter than that of the
experimental result of the period with 170 nm [15]. In this section, periodic

Fig. 15.4 a SEM images of the bare film surface. b Film with periodic nanostructures formed by
femtosecond laser irradiation with the wavelength of 388 nm and c 775 nm, respectively. Arrows
indicate laser electric field polarization vector
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nanostructures were formed on anatase-type TiO2 films. Period with the laser
wavelength of 775 nm on the film was about 230 nm. From equation d = k/
(2n sinh), calculated periods were in the range from 140 to 150 nm (n = 2.80 or
2.52), which is shorter than that of the experimental result of the period with
230 nm. These results suggest that another factor except for interference relation is
necessary to clarify the mechanism of the periodic nanostructures formation on
TiO2 film. Excitation of SPP during the femtosecond laser irradiation is one of the
possibilities for the mechanism of the periodic nanostructures formation on TiO2

film.

15.4 Summary

In this chapter, laser-induced process, periodic nanostructures formation, for the
creation of new functions has been reviewed. Periodic nanostructures can be formed
on a TiO2 film surface using a femtosecond laser at wavelengths of 388 and
775 nm. The periodicity of nanostructures formed with those wavelengths are
calculated using the SPP model. Since the experimental results were in the range of
the calculated periods, it is suggested that the mechanism for the formation of
periodic nanostructures on TiO2 film by femtosecond laser irradiation is due to the
excitation of SPPs. The nanostructures have useful effects on the control of cell
spreading as shown in Chap. 32.

Fig. 15.5 Periods of the periodic nanostructures as a function of the wavelength of femtosecond
laser

238 M. Tsukamoto



References

1. T. Hanawa, Biofunctionalization of titanium for dental implant. Jpn. Dent. Sci. Rev. 46(2),
93–101 (2010)

2. L.H. Li, Y.M. Kong, H.W. Kim, Y.W. Kim, H.E. Kim, S.J. Heo, J.Y. Koak, Improved
biological performance of Ti implants due to surface modification by micro-arc oxidation.
Biomaterials 25(14), 2867–2875 (2004)

3. X. Liu, P.K. Chub, C. Ding, Surface modification of titanium, titanium alloy sand related
materials for biomedical applications. Mater. Sci. Eng. Rep. 47(3–4), 49–121 (2004)

4. Y. Tsutsumi, M. Niinomi, M. Nakai, H. Tsutsumi, H. Doi, N. Nomura, T. Hanawa, Micro-arc
oxidation treatment to improve the hard-tissue compatibility of Ti-29Nb-13Ta-4.6Zr alloy.
Appl. Surf. Sci. 262, 34–38 (2012)

5. J. Akedo, M. Ichiki, K. Kikuchi, R. Maeda, Jet molding system for realization of
three-dimensional microstructures. Sens. Actuators A Phys. 69(1), 106–112 (1998)

6. M. Tsukamoto, T. Fujihara, N. Abe, S. Miyake, M. Katto, T. Nakayama, J. Akedo,
Hydroxyapatite coating on titanium plate with an ultrafine particle beam. Jpn. J. Appl. Phys.
42(2A), L120–L122 (2003)

7. J. Lu, M.P. Rao, N.C. MacDonald, D. Khang, T.J. Webster, Improved endothelial cell
adhesion and proliferation on patterned titanium surfaces with rationally designed,
micrometer to nanometer features. Acta Biomater. 4(1), 192–201 (2008)

8. A. Matsugaki, G. Aramoto, T. Nakano, The alignment of MC3T3-E1 osteoblasts on steps of
slip traces introduced by dislocation motion. Biomaterials 33(30), 7327–7335 (2012)

9. S. Fujita, M. Ohshima, H. Iwata, Time-lapse observation of cell alignment on nanogrooved
patterns. J. R. Soc. Interface 6(Suppl. 3), S269–S277 (2009)

10. K. Matsuzaka, X.F. Walboomers, J.E. de Ruijter, J.A. Jansen, The effect of poly-L-lactic acid
with parallel surface micro groove on osteoblast-like cells in vitro. Biomaterials 20(14),
1293–1301 (1999)

11. M. Tsukamoto, K. Asuka, H. Nakano, M. Hashida, M. Katto, N. Abe, M. Fujita, Periodic
microstructures produced by femtosecond laser irradiation on titanium plate. Vacuum 80(11–
12), 1346–1350 (2006)

12. M. Tsukamoto, T. Kayahara, H. Nakano, M. Hashida, M. Katto, M. Fujita, M. Tanaka, N.
Abe, Microstructures formation on titanium plate by femtosecond laser ablation. J. Phys:
Conf. Ser. 59, 666–669 (2007)

13. K. Okamuro, M. Hashida, Y. Miyasaka, Y. Ikuta, S. Tokita, S. Sakabe, Laser fluence
dependence of periodic grating structures formed on metal surfaces under femtosecond laser
pulse irradiation. Phys. Rev. B 82(16), 165417 (2010)

14. S. Sakabe, M. Hashida, S. Tokita, S. Namba, K. Okamuro, Mechanism for self-formation of
periodic grating structures on a metal surface by a femtosecond laser pulse. Phys. Rev. B 79
(3), 033409 (2009)

15. S.K. Das, D. Dufft, A. Rosenfeld, J. Bonse, M. Bock, R. Grunwald, Femtosecond laser
induced quasiperiodic nanostructures on TiO2 surfaces. J. Appl. Phys. 105(8), 084912 (2009)

16. N. Yasumaru, K. Miyazaki, J. Kiuchi, Femtosecond-laser-induced nanostructure formed on
hard thin films of TiN and DLC. Appl. Phys. A Mater. Sci. Proc. 76, 983–985 (2003)

17. D. Dufft, A. Rosenfeld, S.K. Das, R. Grunwald, J. Bonse, Femtosecond laser-induced periodic
surface structures revisited: a comparative study on ZnO. J. Appl. Phys. 105(3), 034908
(2009)

18. G. Miyaji, K. Miyazaki, Origin of periodicity in nanostructuring on thin film surfaces ablated
with femtosecond laser pulses. Opt. Express 16(20), 16265–16271 (2008)

19. G. Miyaji, K. Miyazaki, K. Zhang, T. Yoshifuji, J. Fujita, Mechanism of femtosecond-
laser-induced periodic nanostructure formation on crystalline silicon surface immersed in
water. Opt. Express 20(14), 14848–14856 (2012)

20. K. Miyazaki, G. Miyaji, Nanograting formation through surface plasmon fields induced by
femtosecond laser pulses. J. Appl. Phys. 114(15), 153108 (2013)

15 Laser-Induced Processes for Functionalization of Materials … 239



21. T. Shinonaga, M. Tsukamoto, A. Nagai, K. Yamashita, T. Hanawa, N. Matsushita, G. Xie, N.
Abe, Cell spreading on titanium dioxide film formed and modified with aerosol beam and
femtosecond laser. Appl. Surf. Sci. 288, 649–653 (2014)

22. J. Reif, F. Costache, M. Henyk, S.V. Pandelov, Ripples revisited: non-classical morphology at
the bottom of femtosecond laser ablation craters in transparent dielectrics. Appl. Surf. Sci.
197–198, 891–895 (2002)

23. R. Buividas, L. Rosa, R. Sliupas, T. Kudrius, G. Slekys, V. Datsyuk, S. Juodkazis,
Mechanism of fine ripple formation on surfaces of (semi) transparent materials via a
half-wavelength cavity feedback. Nanotechnology 22(5), 055304 (2011)

24. C. Wang, H. Huo, M. Johnson, M. Shen, E. Mazur, The thresholds of surface nano-/
micro-morphology modifications with femtosecond laser pulse irradiations. Nanotechnology
21(7), 075304 (2010)

25. Y. Shimotsuma, P.G. Kazansky, J. Qiu, K. Hirao, Self-organized nanogratings in glass
irradiated by ultrashort light pulses. Phys. Rev. Lett. 91(24), 247405 (2003)

26. F.A. Umran, Y. Liao, M.M. Elias, K. Sugioka, R. Stoian, G. Cheng, Y. Cheng, Formation of
nanogratings in a transparent material with tunable ionization property by femtosecond laser
irradiation. Opt. Express 21(13), 15259–15267 (2013)

27. M. Tsukamoto, T. Kawa, T. Shinonaga, P. Chen, A. Nagai, T. Hanawa, Cell spreading on
titanium periodic nanostructures with periods of 200, 300 and 600 nm produced by
femtosecond laser irradiation. Appl. Phys. A Mater. Sci. Process. 122 (2016)

28. M. Tsukamoto, N. Abe, Y. Soga, M. Yoshida, H. Nakano, M. Fujita, J. Akedo, Control of
electrical resistance of TiO2 films by short-pulse laser irradiation. Appl. Phys. A Mater. Sci.
Proc. 93, 193–196 (2008)

29. M. Tsukamoto, T. Shinonaga, M. Takahashi, M. Fujita, N. Abe, Photoconductive properties
of titanium dioxide film modified by femtosecond laser irradiation. Appl. Phys. A Mater. Sci.
Proc. 110, 679–682 (2013)

30. K. Sokolowski-Tinten, D. von der Linde, Generation of dense electron-hole plasmas in
silicon. Phys. Rev. B 61(4), 2643–2650 (2000)

31. H. Raether, Surface Plasmons on Smooth and Rough Surfaces and on Gratings (Springer,
1988)

32. E.D. Palik, Handbook of Optical Constants of Solids (Academic, 1997)
33. B. Enright, D. Fitzmaurice, Spectroscopic determination of electron and hole effective masses

in a nanocrystalline semiconductor film. J. Phys. Chem. 100(3), 1027–1035 (1996)

240 M. Tsukamoto



Chapter 16
Powder Metallurgy Processes
for Composite–Materials Integration

Katsuyoshi Kondoh, Chen Biao and Junko Umeda

Abstract Uniform dispersion of unbundled carbon nanotubes (CNTs) was the
bottleneck to convert their attractive properties to CNTs-reinforced composites. In
this study, a solution ball milling (SBM) approach was developed to homoge-
neously disperse CNTs in Al matrix composites (AMCs). The process integrated
strategies of solution coating, mechanical ball milling, and Al flake producing into a
simple organic unity. The dispersion quality, crystal structure, and strengthening
effect of CNTs in AMCs processed by SBM were investigated through scanning
electron microscopy, transmission electron microscopy, Raman analysis, and ten-
sile tests. Compared with previous methods, the SBM process was simple and
effective to obtain a homogeneous CNT dispersion with a large aspect ratio and
small CNT damages. The tensile strength of Al matrix was noticeably enhanced by
CNT additions agreeing with the potential strengthening effect predicted by the load
transfer mechanism. Shortened carbon nanotubes (CNT) were completely trans-
formed to in situ Al4C3 nanorods by template reaction of CNT with Al matrix via
powder metallurgy. Strong Al–Al4C3 interface, good distribution and complete
single-crystal structure of Al4C3 nanorods, resulted in a remarkably improved
strengthening effect in Al matrix composites. It concluded that in situ formed Al4C3

nanorod was a novel promising reinforcement for designing high-performance Al
nanocomposites.
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16.1 Introduction

A metal matrix composite (MMC) is one of the representative materials with high
strength due to a dispersion strengthening effect [1, 2]. In the materials design of
MMCs, the suitable selection of their reinforcements is significantly important to
improve mechanical properties. The material’s performance of the composites
strongly depends on both the reinforcement properties and interfacial coherence
between the matrix and the second phase reinforcement. It is obviously known that
the use of reinforcements with superior mechanical properties such as hardness,
strength, and Young’s modulus causes the improvement of the mechanical per-
formance of the composite itself [3–5]. However, the agglomerated reinforcements
could be materials defects, and result in the decrease of its property [6]. Regarding
the interfacial coherence, it is related to the load transfer between the matrix and
second-phase reinforcements in tensile. Powder metallurgy (PM) process [7] is
suitable for the preparation of the MMCs because the powder milling process is
available to uniformly mix and disperse the reinforcing particles with metal pow-
ders even if there is a large difference in density between them. In addition, the
agglomeration of nanoparticles caused by Van del Waals force [5] is successfully
reduced by the ball milling process, and the individual particle uniformly dispersed
with the metal matrix powders. On the other hand, the interfacial coherence
depends on the wettability of the reinforcements to the matrix. In general, the
conventional casting process is superior in the improvement of the wettability at the
interface compared to PM process in solid-state because the molten metal matrix is
much activated and has a high wettability [8]. However, the compounds formation
via reaction of matrix powder and reinforcements at the interface during solid-state
sintering is effective for a load transfer at the interface due to a metallurgically
strong bonding of the compounds to both the matrix and the reinforcements of PM
MMCs.

In this chapter, aluminum (Al) and multi-walled carbon nanotube (MWCNT) are
selected as a matrix material and reinforcement of MMCs. This is because Al with a
low density (*2.7 g/cc) is one of the environmentally benign materials [9], for
example, weight reduction of the components by using light metals is effective both
to improve a fuel efficiency for saving energy and to reduce CO2 gas emission in
the transportation industries. On the other hand, MWCNTs [10] have excellent
mechanical properties such as high Young’s modulus and high tensile strength, and
good thermal and electrical conductivity [11] compared to the oxides, nitrides, and
carbides used as reinforcements of the conventional MMCs. First of all, two types
of uniform CNTs dispersion process to prepare CNTs/Al composite powders; wet
process using zwitterionic surfactant solution [12] and dry process using
high-energy milling [13], are introduced. After consolidation of these composite
powders by solid-state sintering and hot extrusion, the microstructures and
mechanical responses are evaluated in detail. In particular, from a load transfer
efficiency point of view, the interfacial coherence between CNTs and Al matrix was
investigated by SEM and TEM analysis. The fractured surface analysis on tensile
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test specimens was also carried out to understand the fracturing behavior of CNTs.
Furthermore, to completely obstruct the peeling phenomenon of CNTs due to
bridge graphene walls, in situ formation of aluminum carbide (Al4C3) nanorods and
their uniform dispersion in the Al matrix were applied. According to the above
results, the strengthening mechanism of CNTs reinforced Al composites was
explained, and the remarkable improvement of mechanical properties of advanced
Al nanocomposites by PM route was introduced in this chapter.

16.2 Advanced Mixing Process of Unbundled CNTs
with Metal Powders

A homogeneous dispersion of unbundled CNTs is basically essential for achieving
the full strengthening potential of CNTs, which were strongly required to carry high
load transfer via a suitable CNT-Al contacting interface. Although many attempts
[6–10] have been made to deal with CNT dispersion in composites, it is still a great
challenge to uniformly disperse CNTs into AMCs with small structure damages.
It is due to the multiple problems in CNT-Al system. First of all, there is a strong
attractive force between CNTs due to a high van der Waals (vdW) attraction energy
of tube–tube interaction. In the previous studies, the chemical methods, or
solution-based surface modification of CNTs, were used to enhance their chemical
compatibility to medium aqueous [14], organic solutions [15, 16], or polymers [16].
Homogeneously CNT-dispersed solution could be obtained without much difficulty.
However, the following problem arises that dispersed CNTs in solution are difficult to
be absorbed on Al powder surface due to the weak attractive force between CNTs and
Al, resulted from their incompatibility of zeta potential [17]. Moreover, weak CNT–
Al bonding might result in reaggregation of CNTs during dispersing, post drying or
consolidating processes [18]. For example, the zwitterionic surfactant solution con-
taining CNTs is prepared, and metal powders are dipped into this solution. Then, the
metal powder surface is completely coated with individual unbundled CNTs after
pulling up the powders from the solution as shown in Fig. 16.1.

This problem was resolved in mechanical ball milling process by strongly
attaching CNTs on Al powder under external mechanical force. However, severe
CNT structure damages, such as CNT shortening and crystal structure change,
seemed evitable at the sacrifice of good CNT dispersion [19]. The final problem is
that the size of commonly used Al powder particles (1–200 lm) is about 3 mag-
nitude larger than CNTs (2–100 nm), resulting in a small specific surface area for
absorbing CNTs. Flaky Al particles with greatly improved surface areas have been
reported in high-energy ball milling (HEBM) processes by preventing cold welding
of Al powders [14, 20]. However, due to the ignorance of the strong attractive force
between CNTs, HEBM process also confronted the severe CNT damages for dis-
persing CNTs [21]. Accordingly, homogeneous CNT dispersion with minor or small
structure change in composites is difficult to obtain from the conventional methods
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based on a single-aspect strategy. From an integrative methodology point of view, a
simple but effective solution ball milling (SBM) process integrating present strate-
gies into an organic unity is put forward to simultaneously resolve the problems in
CNT dispersion. In order to better understand the SBM process, the CNT dispersion
quality was compared with those of the conventional approaches in CNT–Al
composite system using the same starting materials and similar milling conditions.
The characteristics of present CNT dispersion methods, including the conventional
and some newly developed processes, were compared with the SBM process.

The detail example of CNTs/Al composite powder preparation is introduced by
using a schematic (Fig. 16.2) of the SBM process developed in this study [22]. The
process mainly includes two steps. First is to prepare CNT-dispersed solution.
Various solutions [23] have been reported to effectively disperse CNTs. In this
study, isopropyl alcohol (IPA) based solution with *1 wt.% zwitterionic surfac-
tants [12] was used to obtain 1 wt.% CNT solution. The surfactants had both

Fig. 16.1 SEM observation
on Al powder surface coated
with individual unbundled
CNTs prepared by using
zwitterionic surfactant
solution I wet process

Fig. 16.2 Schematic of solution ball milling (SBM) process for CNTs dispersion
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hydrophobic and hydrophilic groups to disperse individual CNTs in the IPA based
solution. Multi-walled CNT (Baytubes C150P, Bayer Material Science Co., Japan)
was used in this study. The detailed description of the working mechanism of
surfactants for CNT debinding could be found elsewhere [24]. In the second step,
the slurry of 160 g prepared CNT solution and 160 g Al powders (Kojundo
Chemical Laboratory Co., Japan) were mixed using a planetary ball milling
machine. Al slurry containing 1 wt.% CNTs was sealed in a ZrO2 jar together with
ZrO2 milling balls (640 g in diameter of 10 mm and 160 g in diameter of 5 mm).
The revolution speed was 200 rpm. The ball milling time was 60 min with an
interim period of 10 min for every 10 min in order to prevent the overheating
behavior. During ball milling, flaky Al was gradually produced under the impact
between the high-energy balls. Simultaneously, dispersed CNTs in the solution was
impacted on the flaky powder surface, as shown in Fig. 16.2. Due to the mechanical
impact, CNTs were strongly plastically attached on Al surface with a fully CNT–Al
contact from the limited contact before impact. After milling, the slurry was
transferred to a beaker and stand for *15 min to settle CNT–Al powders down.
The following procedure is to pour out the upper solution containing surfactants
and free CNTs. Finally the powder was dried in an oven at 353 K for 30 min. Al
slurries containing 0.5 wt.% CNTs and containing no CNT were also processed
under the same SBM conditions. Alcohol (99.5% purity) was used to make up IPA
to a same solution volume with 1 wt.% CNTs.

For more understanding of the dispersion effect in SBM, conventional methods
of HEBM, solution coating (SC) and solution coating on Al flakes (SCF) were also
applied with 1 wt.% CNTs. During HEBM process, 2 wt.% stearic acid was added
as the process control agent (PCA) to prevent the cold welding of Al particles.
HEBM was manipulated for 60–720 min. Flaky Al powder was produced through
HEBM of raw Al for 60 min and post heat treatment held at 723 K for 60 min
under vacuum of *100 Pa. SC and SCF process were done by bathing Al powders
(raw Al and flaky Al respectively) in the CNT solution on a table rolling machine
for 60 min. CNT powder, CNT solution, raw Al powder, and other HEBM con-
ditions are kept the same with SBM process.

The morphologies of raw Al and CNT powders were shown in Fig. 16.3. Raw
Al powder had a near-spherical shape with diameter of 5–50 lm (a). The raw CNTs
were agglomerated into particles with diameter of *500 lm under the strong vdW
force (b). Large surface area, large aspect ratio (length to diameter ratio), combined
with high flexibilities of CNTs, greatly increase the possibilities of nanotube
entanglement and close packing (c). From the combination of SEM (c) and TEM
observations (d), the average diameter and length of raw CNTs were measured as
12.4 nm and 722 nm from 50 CNTs, respectively. The values of diameter, length
and aspect ratio (58) basically agreed with those reported in a previous study [25]
using the same type CNT with an aspect ratio of 53. It is also clear to observe the
CNT walls and the axial hollow channel under the high-resolution TEM image
(inset of Fig. 16.3d).

Figure 16.4 shows the CNT dispersion effect on Al powder surface through the
conventional HEBM, SC and SCF processes. After HEBM for 60 min, Al powders
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changed to flaky morphology (a). CNT dispersion was greatly improved but CNTs
still existed in flattened clusters under impact of milling balls (inset of Fig. 16.4a).
After a long time milling (720 min), CNT clusters were completely broken up and
individual CNTs distributed on the powder surface (b). However, it is clearly
observed that CNTs became shortened fragments with an average length
of *100 nm. Figure 16.4c shows CNT clusters on the Al powder surface by the
SC process. A few individual CNTs were occasionally observed. It suggested the
ineffective absorbing of CNTs by raw Al powder through SC process. Figure 16.4d
shows the CNT distribution on flaky Al surface by SCF process. Compared with the
SC process, CNT dispersion quality was improved, as one thin CNT layer covered
the Al surface. However, CNTs still overlapped and entangled together with the
remained surfactant as shown in Fig. 16.4e. The EDS analysis (f) with a strong
oxygen K peak provided evidence of the remained surfactant. Figure 16.5 shows

Fig. 16.3 Morphologies of raw materials: a Al powder observed by SEM, b, c agglomerated CNT
powder by SEM, d CNTs by TEM. c is a local view in (b). Reprinted from Ref. [22]. Copyright
2015, with permission from Elsevier
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Fig. 16.4 Morphologies of CNT existing on Al powder surface after high-energy ball milling
(HEBM) for 1 h (a), HEBM for 12 h (b), solution coating (SC) (c), and solution coating on Al
flakes (SCF) (d, e). e is a local view in (d), and f shows EDS analysis of area in (e). Reprinted
from Ref. [22] Copyright 2015, with permission from Elsevier

Fig. 16.5 CNT distribution on Al powder surface by solution ball milling (SBM) with 0.5 wt.%
starting CNT solution. a Low-magnification view shows Al flakes. b Local view of a typical Al
flake. c, d High-magnification views in (b). Note that CNT surface is completely attached to Al
surface, and little surfactant was remained on surface. Reprinted from Ref. [22] Copyright 2015,
with permission from Elsevier
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the morphology of Al-CNT powder mixture dispersed by SBM process as starting
CNT content is 0.51 wt.%. Similar to HEBM, SBM process also produced flaky Al
(a and b), because the solution acted as the PCA to prevent cold welding of Al
powders. From the local views, it is observed that CNTs are homogeneously dis-
persed on all flaky Al surfaces, including the surfaces of small flakes (c) and large
flakes (d). It can be seen that CNTs were strongly attached to the Al surface or
underlying CNTs under the mechanical force of milling balls, as schematically
suggested in Fig. 16.2. Moreover, little surfactant was observed on the Al surface
due to the observed weak O K peak in the EDS analysis (inset of Fig. 16.5c).
Therefore, the absorbed CNT weight content (xCNT) could be regarded equal to the
measured carbon element concentration of 0.39 wt.%. The volume content of CNTs
(VCNT) could then be estimated as 0.51 vol.% based on the rule of mixture
(VCNT = *1.3xCNT) [4] using CNT density of 2.0 g cm−3 and Al of 2.7 g cm−3.

16.3 Consolidation of CNTs/Al Composite Powder
and Mechanical Properties of Nanocomposite

CNTs-reinforced Al composites were fabricated by consolidating the above powder
mixture to investigate the strengthening effect of dispersed CNTs. The role of CNTs
addition in the strengthening of the nanocomposites was examined and discussed
based on tensile properties. The detail conditions in powder mixture consolidation
are as follows; the CNT-Al powder mixture from SBM process was consolidated by
sparking plasma sintering (SPS) and following hot extrusion. SPS is conducted on a
SPS system (SPS-1030S, SPS Syntex) at sintering temperature of 823 K with a
heating rate of 20 K/min, and held at 873 K for 30 min by applying a pressure of
30 MPa under vacuum of 5 Pa. Before hot extrusion, CNTs/Al-sintered billet was
preheated to 773 K and kept for 180 s under an argon gas atmosphere. And then, it
was immediately extruded using a 2000 kN hydraulic press machine. The extrusion
ratio and the ram speed were 37:1 and 3 mm/s, respectively. A pure Al powder was
also processed under the same RBM, SPS, and hot extrusion process as a reference
material.

Mechanical properties of composites were greatly dependent on CNT dispersion.
Therefore, the strengthening effect of CNT addition in AMCs was also investigated,
as shown in Fig. 16.6. It was observed that a little increase of tensile strength
(UTS) of Al happened from 149 MPa of pure Al to 157 MPa of SBM-Al, because
of the work hardening of Al in SBM process. Compared with the reference
SBM-Al, the composites consolidated from 0.51CNT and 0.88CNT powders were
noticeably increased (a) to 180 MPa and 192 MPa, respectively. Moreover, the
CNT/Al composites still had a good plasticity with elongation of *20%. The
matrix could be strengthened by CNTs in possible mechanisms of grain refining
and load transfer strengthening [26]. The average grain size of SBM-Al, 0.51CNT/
Al and 0.88CNT/Al materials were measured as similar values of 2.26 lm,

248 K. Kondoh et al.



2.19 lm, and 2.03 lm, respectively. It suggested that the grain refining contributed
little (*1 MPa) to the strength improvement in AMCs according to Hall–Petch
formula [27]. Considering the load transfer strengthening of CNTs, the composite
strength (rc) can be obtained from the generalized shear-lag model [28] and
expressed as

rc ¼ rm þ s/2 VCNTrm ð16:1Þ

where rm was the matrix strength, and VCNT and S are the volume fraction and
aspect ratio of CNTs, respectively. The reinforcing effect (r) of CNTs, or the
relative strength improvement of CNT/Al composites, can be expressed as

r¼ðrc � rmÞ=rm ð16:2Þ

By introducing Eqs. (16.1)–(16.2), r can be expressed as

r ¼ s=2VCNT ð16:3Þ

Since S was estimated as 53 for CNTs in SBM process from Fig. 16.5, the
relation between predicted r from Eq. (16.3) and the CNT volume of predicted
values and from Eq. (16.3) are shown in Fig. 16.6b. The strengthening efficiency
(R), or the slope of r-VCNT line, was half of S of CNTs, which was 26.5 for SBM
composites. It can be seen that both yield strength (0.2%YS) and UTS of CNT/Al
composites agreed well with the predictions (Fig. 16.6b). It suggested that the high
strengthening potential of CNTs has been almost achieved through the load transfer
mechanism by SBM process. R of CNT/Al composites processed by SBM showed
the similar value of Flake PM, and it was far larger than R of 7.5 by HEBM, which
was reasonably due to the small S of CNT fragments in HEBM [29]. However,
UTS of the present 0.88CNT/Al composite (192 MPa) was still low compared with

Fig. 16.6 Tensile properties of CNT/Al composites by SBM. a True tensile stress–strain curves
of CNT/Al composites by SBM, as well as reference Al materials. b Strength increment of CNT/Al
composites as a function of CNT volume content. Reprinted from Ref. [22] Copyright 2015, with
permission from Elsevier
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the CNT/Al composites processed by HEBM (345–366 MPa) [17]. It was because
rc was proportional to rm (Eq. 16.1), and rm of CNT/Al composites by SBM
(157 MPa) was far lower than that by HEBM (284–377 MPa) [17]. CNT/Al
composites with excellent mechanical properties could be expected by applying
strong Al matrix with ultra-fined grains or alloy strengthening elements in the
present SBM process. High load transfer during tensile processes in CNT/Al
composites were resulted from a strong interfacial strength between CNTs and Al
matrix [30]. The breaking and pulling out of CNTs observed on fracture surface
shown in Fig. 16.7a confirmed the strong interface in CNT/Al composites. It
resulted from the effective physical contact between CNTs and Al matrix. From the
TEM observation results (b), dispersed CNTs were effectively incorporated into Al
matrix through a clean interface.

Moreover, it is interesting to detect some monocrystal rod-like Al4C3 as con-
firmed by the SAD pattern (inset of Fig. 16.7b). The fully physical contact between
dispersed CNTs and Al in SBM process (Fig. 16.4) might be helpful to achieve an
ideal reactive interface combined with SPS and hot extrusion. Therefore, the
chemical reaction between Al matrix and CNTs, especially damaged CNTs [31],
was then greatly promoted, and resulted in the formation of Al4C3 nanorods. The
in situ Al4C3 nanorods were reported helpful to increase the strength of CNT/Al
composites [29], probably due to the load transfer enhancement from damaged
CNTs to the monocrystal nanorods.

TEM observation results of the in situ Al4C3/Al composite are shown in
Fig. 16.8. From the low-magnification image (a), many rod-like materials were
dispersed in the Al matrix, as black arrow indicated. These structures shared a
similar shape with CNT segments (Fig. 16.3c) and generally aligned along the
extrusion direction (Fig. 16.8a). From the bright field TEM images and corre-
sponding selected area diffraction (SAD) patterns in Fig. 16.8b and c, these
nanorods were identified as single-crystal Al4C3. Interestingly, the in situ formed
Al4C3 nanorods had basal planes (001) of the hexagonal crystal paralleled to the

Fig. 16.7 Morphology of fracture surface after tensile test (a) and TEM observation (b) of Al
composite reinforced with 0.88% CNT
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axis direction (b–d). This observation is well coincident with that of the gallium
nitride nanorods synthesized using CNT as a template [19]. Since CNT has the
same crystal characteristic, it suggested that Al4C3 was in situ formed by the
template reaction of CNT. Moreover, the hollow structure of CNT transformed to
complete and solid Al4C3 structure (Fig. 16.8b–d). A clean chemical interface was
formed between in situ Al4C3 nanorods and Al matrix (d). Due to the good dis-
persion, strong interfacial bonding and complete single-crystal structure, in situ
Al4C3 naonorods could be expected to perform an excellent strengthening effect
during the mechanical response of the composite.

Fig. 16.8 TEM observation on in situ Al4C3 nanorods/Al composites. a Low-magnification
image shows well dispersed and aligned Al4C3 nanorods as black arrows indicated. b, c Local
images of two typical Al4C3 nanorods. d High-resolution TEM image shows atoms in the Al4C3

nanorod and Al-Al4C3 interface in (c). Insets of (b) and (c) show corresponding SAD patterns
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16.4 Conclusions

An advanced powder mixing technique by SBM process was developed to fabricate
Al matrix nanocomposites reinforced by homogeneously dispersed CNTs with a
large aspect ratio and small damages. The combining use of the solution coating
and HEBM in the SBM process provided a simple and effective approach to obtain
unbundled CNTs on the Al powders. The experimental strengthening effect of
dispersed CNTs agreed with the strengthening potential predicted by the load
transfer mechanism. The present results suggested that the SBM process was
promising for producing high-performance metal matrix nanocomposites reinforced
with CNTs.
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Chapter 17
Dry Nanoparticle Processes
for Functional Materials Integration

Takahiro Kozawa and Makio Naito

Abstract Powder processing technique supports the development of
next-generation materials and products and thus plays an important role on
numerous industries such as life science, energy, environment, and information.
Drugs, cosmetics, electronic and magnetic materials, and phosphors as the appli-
cation materials are widely used in our lives. Powder processing is located in the
center of such advanced technologies. Here, we introduce the fabrication of func-
tional materials by dry nanoparticle processing. The mechanically assisted particle
bonding becomes a fundamental technique on the design and fabrication of
functional materials. The particle bonding is achieved through the enhanced surface
reactivity induced by mechanical energy, in addition to the intrinsic high surface
reactivity of nanoparticles. Since this process does not require additional heat
treatments, it is an environmentally friendly technique. Its applications for
high-performance thermal insulation materials and electrodes of lithium-ion bat-
teries and solid oxide fuel cells will be explained.

Keywords Dry powder processing � Nanoparticle bonding �Mechanical process �
Material design

17.1 Introduction

Powder, which is an assemblage of small solid particles, is widely used in a variety
of industries because of its convenient properties. The typical advantages of
powders are as follows: specific change of solid-state characteristics associated with
a particle size reduction, a huge specific surface area, and a dynamic behavior like
liquid and gas by a function of proper external forces. In order to develop functional
materials, it is important to optimize these powder properties. Recently, particle
bonding technology between each fine particle that makes up powders has been
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attracting much attention to increase the functionality. This chapter explains the
direct bonding between nanoparticles without any heat treatment or binders and
then introduces the application cases for the fabrication of advanced composites by
using this dry powder processing.

17.2 Material Design by Nanoparticle Bonding Processes

The various fabrication methods for preparing composite particles have been pro-
posed in solution- and gas-based processes. Here, we introduce the dry nanoparticle
bonding process by mechanical method. This method employs the grinding process
of particles as a mechanical principle. The surface activity on particles increases
with the decrease of particle size by mechanical grinding. Therefore, the preparation
of composite particles can be achieved via direct bonding between nanoparticles by
using this enhanced surface activity. Figure 17.1 shows the strategy of the material
design by mechanical processing based on nanoparticle bonding technology. The
mechanical functions such as compression, shearing, and frictional forces that are
locally acted at the surface of nanoparticles lead to a creating of functional mate-
rials. By a combination of heterogeneous particles, composite particles with a
covering form and an inner-dispersed form can be obtained via particle bonding
[1–3]. The particle synthesis occurs by adding a forceful mechanical energy [4–7].
Both of these approaches can be realized in the same treatment. The buildup of
these particles leads to a control of microstructure of powders. Meanwhile, this
mechanical method can expand to the bonding between particle and substrate. The
porous powder layer is directly formed on the substrate [8].

An important factor to consider for the preparation of composite particles is the
powder properties of raw materials and the operating conditions in mechanical
treatment. The former factor includes particle size, morphology, surface condition,

Fig. 17.1 Material design by mechanical processing based on nanoparticle bonding technology
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mechanical strength, mixing ratio, and so on. For example, in the case of the
preparation of covering-type composite particles, the particle size of the core
material is preferable to use as large as possible against that of shell material. The
bonding mechanism depends on the combination of particles. The processing
conditions on the latter factor include mechanical action, treatment time, average or
local temperature, atmosphere, and so on. In addition, types of grinding mills such
as ball mill, jet mill, vibration mill, and pin mill vary depending on the intended
use. Some fabrication cases of advanced composites by using the dry powder
processing are described in the following sections.

17.3 Fabrication of High-Performance Thermal Insulation
Boards

Figure 17.2 shows the fabrication scheme of ultra-low thermal insulation board
through the particle bonding process [9]. Nanoparticles with the primary particle
size until several tens of nanometers tend to form a chain-like aggregated structure.
Such nanoparticles can transform to aggregates with pores of the size under 100 nm
by mechanical treatment. When the pore diameter reaches to several tens of
nanometers, a specific nature appears at the pore as well as particles. The porous
materials possessing nanopores suppress a heat transfer, so they are useful as
high-performance thermal insulation materials. However, it is extremely difficult to
fabricate its bulk materials by pressing from the powder consisting of nanoparticles.
We have reported that the aggregates of silica nanoparticles with nanopores were
deposited on glass fibers via mechanical bonding and then the composite bulk
material was fabricated by a uniaxial pressing [9, 10]. The obtained board is a
lightweight and excels in machinability.

Table 17.1 summarizes the thermal conductivities and some characteristics of
composite materials fabricated from silica nanoparticles and glass fibers. The
obtained composite compacts are lightweight materials with an ultra-low thermal
conductivity. The thermal conductivity and fracture strength of composite compacts

Fig. 17.2 Fabrication process of lightweight porous material with an ultra-low thermal
conductivity
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vary by changing the surface property of the used silica nanoparticles [10]. At a
high-temperature region, a thermal radiation effect is not negligible. We have
fabricated the composite compacts that hold the low thermal conductivity up to
800 °C, by adding silicon carbide fine particles. Based on this powder processing
technology, high-performance thermal insulation boards have already been practi-
cally used.

17.4 Preparation of Cathode Materials for Lithium-Ion
Batteries

17.4.1 Direct Synthesis of LiFePO4/C Composite Granules

Development of cathode active materials for lithium-ion batteries plays a key role in
their performance advances. Among cathode materials, lithium iron phosphate
(LiFePO4) has attracted much attention because of high thermal stability and
environmentally friendliness. From a viewpoint of its low ionic and electronic
conductivities, the primary particle size of LiFePO4 is preferred to be as small as
possible, as shown in Fig. 17.3 [11]. However, such nano-sized powder tends to
form a high porous structure, so it is difficult to fabricate the cathode with a high
packing density. The granulation step of nano-sized particles is usually accepted in
cathode fabrication process. Additionally, the fine dispersion and the

Table 17.1 Properties of fibrous fumed silica compacts prepared in this study

Composite
compacts

Density
(kg/m3)

Porosity
(%)

Fracture strength
(MPa)

Thermal conductivity (W/
mK@300 °C)

Hydrophilic silica 405 85.5 0.30 0.031

Hydrophobic silica 395 85.9 0.03 0.018

Fig. 17.3 Comparison between the conventional method and the new mechanical method for
preparing nano-sized LiFePO4/C composite granules
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interconnection of carbon nanoparticles in the LiFePO4 granule is an effective
attempt to improve the electronic conductivity. Moreover, the sufficient pores to
penetrate liquid electrolyte are necessary in the composite granule [12].

As shown in Fig. 17.3, the preparation of the nano-sized LiFePO4/C composite
granules is multistep processes and usually needs an atmosphere control to prevent
an iron oxidation. As lithium, iron, and phosphate sources, Li2CO3, FeC2O4 �
2H2O, and NH4H2PO4 are commonly used. In contrast, the proposed mechanical
method can directly prepare these composite granules. LiFePO4/C composite
granules have been synthesized by one-pot process from raw materials of LiFePO4

and carbon nanoparticles without any heat treatment and atmosphere control.
Figure 17.4 shows SEM and TEM images of the mechanically prepared LiFePO4/C
composite granules [11]. The overall SEM image indicated the granule with the size
ranging from several micrometers to tens of micrometers. According to the XRD
analysis, the crystalline phase of the product was mainly LiFePO4. The mechanical
synthesis of LiFePO4 was achieved in air without any oxidation of iron. The TEM
image of the inside of granules revealed that LiFePO4 nanoparticles coated by
carbon have been assembled [11]. The composite granules consisted of LiFePO4

nanoparticles. Such granule structure led to the formation of an electrode with a
high packing density [13].

The sufficient penetration of electrolytes into granules is essential for deriving
the performance of active materials. By changing the raw materials in mechanical
synthesis, the microstructure of granules can be controlled. When Li3PO4 was used
as lithium and phosphate sources, LiFePO4/C composite granules with porous
structure have been prepared. Figure 17.5 shows the SEM image of the fracture
surface and the pore size distribution of the prepared granules [12]. The small pores
and nano-sized particles existed in the product. The pore size distribution in the
granule was estimated from a nitrogen adsorption measurement. The average pore
size was 20–30 nm. Owing to these nanopores, the electrochemical performances
of the cathode made from LiFePO4/C composite granules were improved along
with the cycle number [12]. This is due to the gradual penetration of electrolyte into
granules. The formation mechanism of porous composite granules can be proposed
as follows: The raw materials are uniformly ground and mixed by mechanical

Fig. 17.4 a SEM and b, c TEM images of LiFePO4/C composite granules obtained by the
mechanical method. Reprinted from Ref. [11], Copyright 2014, with permission from Elsevier
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treatment. The synthesis of LiFePO4 nanoparticles mainly occurs by the reaction
between Li3PO4 and iron oxalate. The Li3PO4 particle acts as a seed material for the
formation of LiFePO4 because it has a crystal framework of PO4

3−. The gaseous
products generated from iron oxalate are trapped in the granulation step of
nano-sized LiFePO4/C particles. The resultant granules have a porous structure
[12]. The granule structures such as size, morphology, and porosity can be con-
trolled by changing raw materials and treatment conditions [14, 15].

17.4.2 Core–Shell and Concentration-Gradient Cathode
Particles

Recently, the particle design for cathode materials has become a hot topic in the
field of lithium-ion batteries. Since the improvement of battery performances from
solo active material has limitations, the particle composed of two or more different
active materials has been synthesized. A core–shell structure, for example, which
has the synergistic effects of the core and shell, has attracted much attention. As the
further advancement, the cathode particles with a gradient composition have been
prepared by heating of core–shell particles. The concentration-gradient particles can
be avoided a structural mismatch and volume change that occurs at the interface
between core and shell particles. The preparation of these advanced particles is
usually conducted by a precisely controlled coprecipitation method. Although the
tailored synthesis of the particle with high quality and a uniform size is successfully
conducted through the coprecipitation method, the reaction conditions (pH and
concentration of the solutions, temperature, aging time, etc.) should be carefully
controlled. In the mechanical method, mechanically activated nanoparticles can be

Fig. 17.5 a SEM image of the fracture surface and b pore size distribution for the porous
LiFePO4/C composite granules. Reprinted from Ref. [12], Copyright 2014, with permission from
Elsevier
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deposited on the surface of core particle [1] and thus core–shell particles can be
prepared in one-step dry processing.

The mechanical treatment of Li2CO3, NiO, and MnO2 as raw materials provides
LiNi0.5Mn1.5O4 particles, which is one of the high-voltage cathode materials [16].
When the micrometer-sized MnO2 particles and fine Li2CO3 and NiO particles were
used as a starting powder, Li(Ni, Mn)2O4 particles were formed and coated on the
MnO2 particle. Figure 17.6 shows the cross-sectional SEM images and EDX ele-
mental maps of the prepared particles [17]. A cross-sectional observation of the
product revealed the deposition of nanoparticles onto the core particle. The EDX
maps of oxygen, nickel, and manganese clearly exhibited that the mechanically
treated product had a core–shell structure and its shell part was constructed by the
deposited nanoparticles. Nickel was detected in the shell part, while oxygen and
manganese were homogeneously distributed in the entire particle. Thus, the core is
attributed to a MnO2 phase. The XRD pattern of this product indicated a Li(Ni,
Mn)2O4 spinel phase. Consequently, the MnO2–Li(Ni, Mn)2O4 core–shell particles
could be prepared by the simple mechanical process without external heating [17].

The mechanically prepared MnO2–Li(Ni, Mn)2O4 core–shell particles were
converted to the concentration-gradient spinel particle by heating at 700 °C for 2 h
[17]. Figure 17.7 shows the superimposed EDX maps and elemental profiles of the

Fig. 17.6 a Cross-sectional SEM images and b–d EDX elemental maps of the mechanically
prepared MnO2–Li(Ni, Mn)2O4 core–shell particles. Elemental maps of oxygen, nickel, and
manganese are shown in green, purple, and yellow, respectively. Reproduced from Ref. [17],
Copyright © 2015 by National Institute for Materials Science, IOP Publishing Ltd.
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cross-sectional view for the obtained particles. By heating, the distribution of
nickel, which existed in the shell part, gradually spread into the core. The heated
product possessed a concentration gradient of manganese and nickel in the entire
particle. The electrochemical performance of the prepared concentration-gradient
spinel cathode exhibited the high discharge capacity, the wide-range plateau at a
high voltage, and the good cycle capability. Figure 17.8 shows the charge and
discharge curves of the concentration-gradient spinel cathode. A simple preparation
route of core–shell and concentration-gradient particles was achieved by dry
powder processing [17].

Fig. 17.7 a Cross-sectional EDX elemental maps of Ni (purple) and Mn (yellow) for the
concentration-gradient powders prepared at 700 °C for 2 h. b Atomic ratio of transition metals as a
function of the distance from the center to the surface for the core–shell and concentration-gradient
powders. Reproduced from Ref. [17], Copyright © 2015 by National Institute for Materials
Science, IOP Publishing Ltd.

Fig. 17.8 Charge and
discharge curves of the
concentration-gradient
cathode. Reproduced from
Ref. [17], Copyright © 2015
by National Institute for
Materials Science, IOP
Publishing Ltd.
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17.5 Direct Fabrication of Electrode for Solid Oxide Fuel
Cells

As shown in Fig. 17.1, the particle bonding by mechanical energy is applicable for
the deposition onto a substrate. The particle deposition on the substrate by
mechanical method was demonstrated by using the apparatus depicted in Fig. 17.9
[8]. When the inside rotor rotates at a high speed, the aggregate of nanoparticles
breaks down to fine particles and its particle surface is activated by mechanical
energy. These activated nanoparticles are directly deposited on the substrate and
stacked.

In this study, the composite particles consisting of NiO and Y2O3-stabilized
ZrO2 (YSZ) have deposited onto a dense YSZ substrate to fabricate the anode for
solid oxide fuel cells. Figure 17.10 shows the SEM image of the as-deposited film
and the thickness of NiO–YSZ films against the processing time [8]. After
mechanical processing for 10 min, NiO–YSZ composite particles were deposited.
Afterward, the deposition rate was roughly estimated to be *6 µm/min. The
porosity of the formed film was measured to be approximately 80%. The porous
film was directly fabricated on the YSZ substrate. The prepared film was sintered at
1200 °C for 2 h to evaluate its anode performance. The polarization of this anode at
a current density of 0.5 A/cm2 was 70 mV and 20 mV at 700 °C and 800 °C,
respectively [8]. These values were significantly lower than those reported in the
literatures. Figure 17.11 shows the SEM image of the Ni-YSZ anode after the
electrochemical performance testing [8]. By the treatment in a reducing atmosphere,
NiO was transformed into Ni. The anode with a homogeneous porous structure
consisting of dispersed Ni and YSZ grains with the size of *200 nm was suc-
cessfully fabricated. Consequently, the mechanical method has promised as a
simple fabrication process of electrodes for solid oxide fuel cells.

Fig. 17.9 Schematic
illustration of mechanically
assisted deposition of
nanoparticles on the substrate:
a–c processing steps of the
deposition and d schematic
illustration of an attrition-type
milling device. Reproduced
from Ref. [8] by permission
of Wiley Ltd.
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Chapter 18
Three-Dimensional Printing Process

Soshu Kirihara

Abstract Stereolithographic additive manufacturing was developed to create metal
and ceramic components with functionally modulated geometry using a computer-
aided design, manufacturing, and evaluation. Micrometer-scale ceramic lattices are
propagated spatially in the computer graphic space. Photosensitive liquid resins
with ceramic nanoparticles are spread on a glass substrate using a mechanical knife
edge, and two-dimensional (2D) images are drawn by fine pattern exposure or fast
laser scanning to create a cross-sectional solid layer. After these layers are stacked,
the obtained three-dimensional (3D) structures of the composite precursors are
dewaxed and sintered. Ceramic and metallic glass photonic crystals with dendritic
and magnetic micro-lattices can be fabricated to control electromagnetic waves over
the terahertz frequency range. Subsequently, solid electrolyte dendrites of
yttria-stabilized zirconia with spatially ordered porous structures could be processed
for fuel cell miniaturization. Moreover, artificial bones of calcium phosphate with
dendritic scaffold structures can be modeled to achieve excellent biological
compatibilities.

Keywords Additive manufacturing � Stereolithography � Photonic crystal � Solid
oxide fuel cell � Artificial bone

18.1 Stereolithography of Additive Manufacturing

Centimeter-scale components were fabricated by laser scanning stereolithography.
3D geometric patterns in three-dimensional models are modeled by a
computer-aided design application. These graphic models are converted automati-
cally into the stereolithography format and sliced into a series of 2D cross-sectional
planes of 50 lm in uniform layer thickness. The numerical data are transferred
automatically into the stereolithography equipment and raster patterns for laser
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scanning are created automatically. Figure 18.1a shows the schematic illustrations
of the fabrication process [1]. The photosensitive acrylic resin that contains ceramic
particles 200 nm in diameter at 40% volume fraction is spread on a flat metal stage
using a mechanical knife edge. The thickness is controlled automatically at the
same value of 50 lm in the model slicing pitch. An ultraviolet laser of wavelength
355 nm is scanned on the ceramics slurry in order to create cross-sectional planes
with 5 lm edge accuracy. The laser beam is adjusted to a 100 lm spot size and
100 mW power. After the formation of the solid pattern, the elevator stage moved
downward 50 lm in layer thickness, and then, the next cross section is stacked.
Three-dimensional structures were fabricated by stacking all two-dimensional
layers. The accuracy of the part for the green bodies can be measured and observed
using a digital optical microscope. The formed models are dewaxed at 600 °C for
2 h with a heating rate of 1.0 °C/min in air and the full ceramic components are
obtained after sintering. Microstructures of the sintered components can be
observed using a scanning electron microscope (SEM). Relative densities of these
ceramic components can be measured by the Archimedes’ method.

Micrometer-scale patterns were created by micro-patterning stereolithography.
3D patterns are designed using computer graphic software. The designed models are
converted into the stereolithography file format and sliced into the series of
two-dimensional cross-sectional data of 10 lm in layer thickness. These data are
automatically transferred into the micro stereolithography equipment to create bit
map images for micro-pattering. Figure 18.2b shows a schematic illustration of the
micro stereolithography system [2]. Photosensitive acrylic resins that include cera-
mic nanoparticles of 200 nm average diameters at 40 vol.% are placed on a glass
substrate from a dispenser nozzle using air pressure. This paste is spread uniformly
using a mechanically controlled knife edge. The thickness of each layer was set at
10 lm. Two-dimensional solid patterns are obtained on the slurry surface by
light-induced photopolymerization. High-resolution images were obtained using a
digital micromirror device. In this optical device, 1024 � 768 l aluminum mirrors
of 14 lm edge length were assembled. Each mirror can be tilted independently by
piezoelectric actuation. The ultraviolet lay of 405 nm is introduced into the digital
micromirror device, and the cross-sectional image is reduced by 1/5 using an

Fig. 18.1 Schematic illustration of a fine pattern exposure and b fast laser scanning
stereolithography of additive manufacturing
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objective lens set and concentrated into an exposure area of 1.3 mm � 1.7 mm.
Through layer stacking, which is controlled by a computer, the acrylic resin com-
ponent with the ceramics particles dispersion is obtained. The composite precursor is
dewaxed at 600 °C for 2 h in air. The complete ceramic micro-components are
obtained through the sintering heat treatment. The part accuracy and ceramic
microstructures of the sintered components can be observed using SEM.

18.2 Photonic Crystals with Dielectric Lattice

Novel electromagnetic devices using photonic crystals have been fabricated by
stereolithographic techniques. The artificial crystals with a periodic arrangement of
dielectric media can reflect the electromagnetic wave perfectly and can exhibit
forbidden gaps in the transmission spectra by Bragg diffraction [3–6]. By intro-
duction of air cavities into the periodic lattices, electromagnetic waves of specific
wavelengths can resonate with the structural defects and localized modes of
transmission peaks appear in the band gap [7–11]. Alumina microlattices with
diamond structures were fabricated to control the terahertz waves [12]. The tera-
hertz waves are expected to detect micro-cracks in the material surfaces and
structural defects in electric circuits by fine wave interferences, and to analyze
cancer cells in human skins and toxic bacteria in natural foods through the higher
frequency excitations [13–17]. A theoretical electromagnetic band diagram of the
diamond photonic crystal was graphed through a plane wave expansion
(PWE) application [18]. Intensity profiles of the structural defects in the presence of
electric fields were simulated at localized mode frequencies using a transmission
line modeling (TLM) simulator.

Fig. 18.2 Computer graphic models of twinned photonic crystals with diamond structures. Defect
interfaces parallel to the (100) and (111) planes indicated by dotted lines were sandwiched between
mirror symmetric lattice domains, as shown in (a) and (b), respectively
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Photonic crystals with diamond lattices with structural defects were designed
using a computer graphics application as shown in Figs. 18.2 and 18.3. Twinned
defect interfaces between mirror symmetric lattices were formed parallel to the
(100) and (111) planes, as shown in Fig. 18.2a, b, respectively. Double-cavity
defects, consisting of hollowed unit cells, are arranged with center intervals of 1.5
and 2.0, as shown in Fig. 18.3a and b, respectively. Dielectric rods with an aspect
ratio of 1.5 are connected with a coordination number of four to create a diamond
structure with a 500 lm lattice constant. Acrylic photonic crystals with dispersed
alumina particles of 200 nm average diameter at 40 vol.% were successfully created
using micro-stereolithography, as shown in Fig. 18.4a. The part tolerances were
measured to be within ±5 lm by DOM. The homogenized dispersions of the
alumina particles in the acrylic resin matrix were observed by SEM, as shown in
Fig. 18.4b. The complete ceramic micro-lattices of the alumina photonic crystals,
after dewaxing and sintering, are shown in Fig. 18.5a. The stereolithography
samples were dewaxed at 600 °C for 2 h, and then, sintered at 1500 °C for 2 h in
air. The heating rates were 1.0 and 8.0 °C/min in the dewaxing and sintering
processes, respectively. The lattice constant and the linear shrinkage were measured
by DOM to be 375 lm and 25%, respectively. An alumina microstructure of 99%
relative density was observed by SEM, as shown in Fig. 18.5b. The forbidden
bands exhibited in the transmission spectra for the <111>, <100>,
and <110> crystal directions were analyzed, and the dielectric constant of the
alumina lattice was measured to be 9.8 using terahertz time-domain spectroscopy
(THz-TDS). The higher and lower edges of the gap regions were plotted in the
PWE calculated band diagram. The measured results were in good agreement with
the calculated results, and a perfect photonic band gap was created over the
0.4–0.47 THz range. The isotropic propagation of dense alumina lattices with a
coordination number of four was verified. These results are evidence that the lattice

Fig. 18.3 Graphic models of diamond photonic crystals, with cubic defects indicated by dark
areas. Unit cells were hollowed from the lattice structures in order to create double-cavity defects
with 1.5 and 2.0 periods at center intervals, as shown in (a) and (b), respectively
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structures had shrunk equally in all crystal directions without any dimensional
deviations during the controlled dewaxing and sintering.

Alumina photonic crystals with twinned diamond lattices can be formed suc-
cessfully through micro stereolithography and powder sintering. As shown in
Fig. 18.6a, b, the defect interfaces of the (100) and (111) planes are sandwiched
between the mirror symmetric domains with four and three periods, respectively.
These period numbers can be optimized to exhibit the clear localized modes of
sharp transmission peaks in the band gaps using TLM. The transmission spectra
through the twinned crystals can be analyzed by the THz-TDS. As shown in

Fig. 18.4 Precursor model of the photonic crystal fabricated using the microstereolithographic 3D
printer: a Acryl microrods propagating with a coordination number of four and b homogenized
dispersion of nanometer-sized alumina particles

Fig. 18.5 Full ceramic component of the photonic crystal processed through the dewaxing and
sintering treatments of the composite precursor. a Alumina micro-lattices with b fine microstruc-
ture were formed successfully
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Fig. 18.7a, b, the localized mode peaks with transmission intensities of 22% and
38% are formed at 0.414 and 0.409 THz through the (100) and (111) defect
interfaces, respectively. These localized modes are included in the perfect photonic
band gap. Figure 18.8 shows the cross-sectional images of the electric field
intensity simulated at the localized frequencies by TLM. The incident electro-
magnetic waves resonate and are localized strongly through the multiple reflections

Fig. 18.6 Twinned photonic crystals composed of the sintered alumina lattices. The defect
interfaces were formed between the diamond lattice domains parallel to the (100) and (111) planes,
as shown in (a) and (b), respectively

Fig. 18.7 Transmission spectra through the twinned photonic crystals measured by terahertz
time-domain spectroscopy (THz-TDS). The localized modes of the transmission peaks, indicated
as solid triangles, were formed in the band gaps by the introduction of defect interfaces into the
alumina lattices parallel to the (100) and (111) planes, as shown in (a) and (b), respectively
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in the twinned defect interfaces between the mirror symmetric diffraction lattices.
The amplified electromagnetic waves can propagate to the opposite side, and
transmission peaks should be formed in the band gaps. The electromagnetic wave
energy can be concentrated strongly near the (111) defect interfaces as compared to
the (100) plane. These simulated results conform to the disparity in the measured
peak intensities of the localized modes, as shown in Fig. 18.8.

Double-cavity defects are introduced into the alumina photonic crystals by
hollowing the unit cells of the diamond lattices, as shown in Fig. 18.9. As shown in

Fig. 18.8 Intensity profiles of electric fields in the twinned photonic crystal visualized by TLM.
The strong localized modes were formed in the defect interfaces, indicated as dotted lines, through
multiple reflections between the (100) and (111) plane arrangements, as shown in (a) and (b),
respectively

Fig. 18.9 Sintered alumina lattices with double-defect cavities. The unit cells were hollowed from
the diamond structure. The cubic cavities were separated by one period of the lattice arrangement
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Fig. 18.10a and b, the intensity profiles of the electric fields in the vicinity of the
double-cavity defects arranged with 1.5 and 2.0 periods in center intervals,
respectively, can be simulated by TLM. The electromagnetic waves resonated and
were localized in the cubic cavities. The single resonance mode spread near closed
cavities, and the coupled mode is localized strongly in the separated dual cavity.
The transmission spectra, including the photonic band gaps and localized modes,
can be analyzed by the THz-TDS. As shown in Fig. 18.11a, b, localized mode
peaks with transmission intensities of 5% and 27% form at 0.45 and 0.56 THz,
respectively, through the double-cavity defects separated by the 1.5 period lattice
structures. The spread mode should form a small resonance peak at the longer
wavelength of the lower frequency. The concentrated mode can achieve a sharp and
clear peak formation with the higher transmission intensity.

18.3 Photonic Crystal with Magnetic Lattice

Micrometer-scale magnetic photonic crystals with the diamond structure can exhibit
forbidden gaps over the terahertz frequency range according to the diffraction
theories of electromagnetic waves, and the introduced defects cavities can form the
localized modes of the transmission peaks in the photonic band gaps [19].
Micromagnetic lattices composed of metallic glass dispersed oxide glass can
be fabricated by the fine pattern exposure stereolithography to control the tera-
hertz waves effectively. The device is schematically illustrated in Fig. 18.12.

Fig. 18.10 Intensity profiles of electric fields in the double-defect cavities simulated by TLM. The
double localized modes were formed in the cubic cavities arranged with 1.5 and 2.0 periods at
center intervals, as shown in (a) and (b), respectively
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The artificial crystal with a cylindrical structural defect can resonate with the
specific terahertz wave of wavelength comparable to the cylinder diameter, and the
localized mode of transmission peak appears in the band gap [20–23]. When var-
ious aqueous solvents were flown into the microtube, the localized modes will be
shifted in the gap according to the dielectric constants of the liquid materials. If the
resonant wave can harmonize with the collective vibration mode of the introduced
aqueous solvents, the transmission peak will disappear through electromagnetic
absorptions. Moreover, the profiles and frequency ranges of the band gaps can be
modulated by the permeability control of the diffraction lattices by applying a static
magnetic field. The magnetic photonic crystal sensors can be used in various sci-
entific and engineering fields by utilizing the terahertz wave spectroscopic database.

The magnetic photonic crystal with the diamond lattices fabricated by fine pattern
exposure stereolithography is shown in Fig. 18.13a [24]. The size tolerance between
the designed model and the formed sample converges to within ±3 µm. The rod
diameter and length are 144 and 217 µm, respectively, and the lattice constant of the
diamond structure is 500 µm. The entire structure is 5 mm � 5 mm � 0.5 mm in
size comprising 10 � 10 � 1 unit cells. Photosensitive acrylic resins dispersed with
magnetic metallic glass (Fe72B14.4Si9.6Nb4) and dielectric oxide glass
(B2O3·Bi2O3) particles of 2.6 µm and 1.0 µm diameter, respectively, were applied
on a substrate and spread uniformly using a mechanical knife edge. The metallic
glass and oxide glass particles were dispersed in the acrylic resin at 40 vol.%, and
these two kinds of particles were mixed at 16:24, 17:23, and 18:22 volume ratios.
The iron-based metallic glass is a soft magnetic amorphous alloy with high glass
forming ability and magnetic permeability [25]. In the optimization of the

Fig. 18.11 Transmission amplitude of the terahertz waves through the photonic crystal with
defect cavities measured by the THz-TDS. The transmission peaks, indicated by solid triangles,
were formed in the band gaps through resonance and localization into double-defect cavities
separated by the 1.5 period of the diamond structures, as shown in (a) and (b), respectively
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stereolithographic parameters, the exposure power influences the layer thicknesses,
and size tolerances should be compared and investigated systematically in the
formed acrylic objects with the different mixing ratios of the metallic and oxide
glasses. When the micropattern was exposed to a light intensity of 700 mJ/cm2 on
the acrylic resin including the metallic and oxide glass particles at 17 and 23 vol.%,
the layer thickness and size tolerance were measured as 14.5 µm and ±3 µm,
respectively. The photopolymerization depth should be greater than 10 µm of the
stacking layer thickness with restraining the exposure right scatters.

The sintered diamond lattice structure with a 500 µm lattice constant is shown in
Fig. 18.13b. The formed precursor was dewaxed at 420 °C for 8 h at a heating rate

Fig. 18.12 a A schematic illustration of a magnetophotonic crystal sensor device and
transmission spectra of terahertz waves including various water solvents b without or c with
absorption properties

Fig. 18.13 a An acryl diamond lattice with metallic glass (Fe72B14.4Si9.6Nb4) and oxide glass
(B2O3�Bi2O3) particle dispersion fabricated by stereolithography and b a magnetophotonic crystal
after dewaxing and sintering
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of 1.0 °C/min, and sintered at 460 °C, which is below the glass transition tem-
perature of 552 °C of the selected metallic glass, for 0.5 h at a heating rate of
2.0 °C/min in argon atmosphere. The diamond lattice model can be corrected and
redesigned according to the linear shrinkage ratios. The linear shrinkage ratios of
the horizontal and vertical axes were 10.2% and 12.5%, respectively. These results
can be fed back successfully to the computer graphic design to achieve an isotropic
arrangement of the diamond lattice. Figure 18.14 shows the microstructure of the
sintered metallic glass and the oxide glass composite lattice. The metallic glass
particles were dispersed homogeneously in the oxide glass matrix. The X-ray
diffraction patterns of metallic glass particles before and after the heat treatments
were analyzed. The metallic glass did not crystallize during the dewaxing and
sintering heat treatments. The measured terahertz wave transmission spectrum for
the magnetic photonic crystal is shown in Fig. 18.15. The black and gray lines
show the measured and calculated results, respectively, and there is good agreement
between them. The theoretical visualization of the electromagnetic wave propaga-
tion could verify the presence of the forbidden gap due to wave diffraction. The
electromagnetic bandgap is formed from 0.2 to 1.0 THz. Between the lower and
higher bandgap edges, the electromagnetic waves from 300 to 1500 µm wave-
lengths create standing vibrations in the periodic arrangements of magnetic lattices
and achieve total reflection for the incident direction through the Bragg diffractions.

Fig. 18.14 A microstructure
of the oxide glass lattice with
the metallic glass particles
dispersion observed by
scanning electron microscopy

Fig. 18.15 An electromagnetic bandgap formation in the transmission spectrum of the terahertz
wave through the magnetophotonic crystal with the diamond lattice structure. The black and gray
lines show the measured and calculated results, respectively
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A magnetic photonic crystal with a structural defect fabricated by stereolithog-
raphy and low-temperature sintering is shown in Fig. 18.16. A round hole of
200 µm diameter is created as the defect cavity exactly into the diamond lattice
structure perpendicular to the crystal face. The terahertz wave propagated in a
direction parallel to the created hole, and the transmission spectrum is obtained as
shown in Fig. 18.17. The black and gray denote the measured and calculated
spectra, respectively. The localized modes of the transmission peaks are formed in
the band gaps. At peak frequencies of 0.72, 0.75, and 0.79 THz, the half wave-
lengths of 208, 200, and 189 are comparable to the cavity diameter of the defect
hole, and standing waves should be formed by multiple reflections between the
diffraction lattices. The amplified terahertz waves can be transmitted selectively
toward the opposite side of the magnetophotonic crystal. Because the created hole
has an uneven surface, similar wavelengths could resonate in the cavity, and the
three localized modes are considered to be formed in the band gap as shown in
Fig. 18.17. The electromagnetic field profiles of these localized modes were cal-
culated and visualized in the cylindrical cavity. Moreover, the intentional shifts of
the bandgap frequency and localized mode peaks could be simulated through the
lattice permeability modulations assuming the application of the static magnetic
field toward the magnetophotonic crystal.

Fig. 18.16 The
magnetophotonic crystal with
a structural defect in the
periodic lattice of the
diamond structure. The round
hole was created as the defect
cavity in the perpendicular
direction toward the crystal
face

Fig. 18.17 Formation of localized modes in the electromagnetic bandgap. The terahertz waves
with the selected wavelengths can resonate with the defect cavity and transmit through the crystal.
The black and gray lines show the measured and calculated results, respectively
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18.4 Porous Electrode with Ordered Structure

For sustainable development and emission reduction of carbon oxides, solid oxide
fuel cells (SOFCs) have been investigated as novel electric power generation sys-
tems with high efficiencies in energy conversion devices. Yttria-stabilized zirconia
(YSZ) with high ion conductivities of incident oxygen is widely adopted as a
material for solid electrolyte anodes in SOFC [26–30]. To increase the surface areas
of the reaction interfaces and gap volumes of the stream paths, porous network
structures of micrometer or nanometer sizes have been introduced into the YSZ
electrodes. By using additive manufacturing of the stereolithography process, solid
electrolyte dendrites composed of YSZ spatial lattice structures with various
coordination numbers can be fabricated successfully. In the lattice dendrites, fluid
flow velocities and pressure stress distributions are simulated and visualized by a
finite volume method (FVM) application.

The solid electrolyte dendrites with spatial lattice structures were designed using
a computer graphic application. These surface areas of the reaction interfaces and
the gap volume of the stream paths are calculated geometrically for the dendrite
lattice with four coordination numbers as shown in Fig. 18.18. The dendritic lat-
tices of 1.16 aspect ratio are considered to exhibit higher reaction efficiencies and
gas transmittances according to the Nernst equation. In the optimized dendrite
structure, the diameter and length of the YSZ rods were 92 lm and 107 lm,
respectively. The lattice constant was 250 lm.

Acrylic micro-lattices with YSZ particles of 60 and 100 nm first and second
diameters, respectively, at 30 vol.% can be fabricated by the fine pattern exposure
stereolithography as shown in Fig. 18.19 [31]. The formed precursors with dendrite
structures were heated at various temperatures from 100 to 600 °C at a heating rate
of 1.0 °C/min. The dewaxing process was examined with respect to weight and
color changes. The YSZ particles could be sintered at 1500 °C for 2 h. The heating
rate was 8.0 °C/min. The sintered solid electrolyte dendrite with the YSZ
micro-lattice structure is shown in Fig. 18.20. Deformation and cracking were not
observed. The volume fraction of the air gaps is 50% because of the open paths.
When the porous electrodes were formed by sintering the YSZ surly with poly-
styrene particles as foaming materials, it was difficult to achieve perfectly formed
pore structures with a high porosity of over 40% volume fraction. In the dense

Fig. 18.18 Optimization of
the aspect ratio to obtain the
widest specific surface and
higher air gap volume. The
aspect ratio was determined as
1.16 for designing
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microstructure of the YSZ lattice, the average grain size was approximately 4 µm.
The density of the sintered sample was measured using the Archimedes’ method.
The relative density achieved was 95%. Micrometer-sized cracks or pores were not
observed. The obtained dense YSZ lattice structure exhibits higher mechanical
properties when used as porous electrodes of the solid electrolyte dendrites.

The fluid flow velocities were visualized using the FVM method as shown in
Fig. 18.21. All air paths were open to the outside and connected with each other in
the YSZ dendrite lattice structures. The fluid flows can transmit the one direction
smoothly. The pressure stress distributions in the dendrite are visualized as shown
in Fig. 18.22. The fluid pressures are gradually distributed for the flow direction,
and localization of stress is not observed. The fabricated solid electrolyte dendrites
with YSZ lattices are considered to have higher performance as novel ceramic
electrodes.

Fig. 18.19 Acryl dendrite
lattice with YSZ particle
dispersion fabricated using
stereolithography

Fig. 18.20 The sintered
dendrite lattices of YSZ solid
electrolyte. The part accuracy
of the lattice is 2 lm
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18.5 Biological Scaffolds with Graded Lattice

Artificial bones composed of hydroxyapatite (HAP) and beta-tricalcium phosphate
(b-TCP) scaffolds with dendritic lattice structures should be designed and formed
systematically to achieve osteoconductivity and tissue regeneration successfully
[32]. Prosthetic bones with ordered porous structures considering biological fluid
flow behaviors can be processed using fast laser scanning stereolithography. The
micro-ceramic rods are arranged periodically to create lattice patterns with various
coordination numbers, and these aspect ratios should be modulated continuously to
achieve biomimetic graded structures. In the dendritic structures, stress distributions
and fluid flows can be simulated and visualized using finite element methods
(FEM). The successfully manufactured bone substitutes and the strictly designed
scaffold structures can be used to promote appropriate biochemical reactions and
body fluid circulation in tissue engineering.

The dendritic lattice structures of biological scaffold models with 4 coordination
numbers can be controlled from 50 to 90% by adjusting the aspect ratios of the rod
length to diameter, as shown in Fig. 18.23a. The porosity variation of skeletal
structures is defined at 75% as the same porosity value of a human bone [33–35].

Fig. 18.21 A distribution of
the fluid flow velocities in the
dendrite lattice structure
simulated and visualized
using the FVM method. The
curved lines show the fluid
flow paths according to the
velocity vectors

Fig. 18.22 Distribution of
the surface pressure on the
ceramic lattice of the dendrite
structure. The red and blue
areas show the higher and
lower gas pressures on the
reaction interfaces,
respectively
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The composite lattice precursor can be fabricated precisely following the designed
model using the fast laser scanning stereolithography as shown in Fig. 18.23b.
Photosensitive acrylic resin comprising hydroxyapatite particles of 10 lm diameter
at 45 vol.% was used. The part accuracy of the lattices was measured below 50 lm.
The hydroxyapatite particles were dispersed homogeneously in the acrylic resin
matrix. The formed precursor was dewaxed at 600 °C for 2 h at a heating rate of
1.0 °C/min and sintered at 1250 °C for 2 h at 5 °C/min in air. A dense biological
ceramic structure was formed successfully, as shown in Fig. 18.23c. The relative
density of the sintered hydroxyapatite lattice was measured as 98% by the
Archimedes’ method. The linear shrinkage along the horizontal and vertical axes
was 23% and 25%, respectively.

Fluid circulation in the perfect interconnected pores was simulated and visualized
by fluid dynamic solver as shown in Fig. 18.24. Flow velocities in the spatial grids in
the scaffold models were calculated through the FEM. The fluid phase was repre-
sented as an incompressible Newtonian fluid with a viscosity of 1.45 � 10−3 Pa s
[36]. The inlet velocity at the scaffolds was constant at 0.235 mm/s, and the pressure
is zero at the outlet [37]. No-slip surface conditions were assumed. The relation
between the fluid velocity and cell deformation has been reported, and the high fluid
velocity area in the scaffold is subjected to shear stress, which was assumed to be
caused by the difficulty in cell attachment. An isotropic distribution offlow rates was
observed in the formed scaffold and this structure is not susceptible to shear stress.

Fig. 18.23 Four-coordinate lattices with graded porous structures: a designed computer graphic
model, b acrylic lattices that include hydroxyapatite particles fabricated by stereolithography, and
c sintered ceramic scaffold
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Fig. 18.24 Fluid flow
behaviors in the dendrite
scaffolds visualized using the
finite element method

Homogeneous tissue regeneration will be promoted through geometrical modifica-
tion of the scaffold models. Hence, this is an invaluable simulation for tissue engi-
neering before confirming osteoconduction in vivo.
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Chapter 19
Current and Future Nanostructured
Metals

Toshinobu Yogo

Abstract Nanoporous metals (NPMs) consist of an interconnected backbone and
nanosized pores. NPMs were prepared from parent alloys by chemical and elec-
trochemical etching. The interconnected ligaments and nanostructured pores of
NPMs are the origins of their novel properties. NP Au and NP Pd exhibited
remarkable catalytic reactions compared with nanoparticle-based and supported
catalysts. NP Au showed prominent optical properties in plasmonics and
surface-enhanced Raman scattering (SERS).

Keywords Nanoporous metal � Dealloying � Heterogeneous catalyst � Plasmon �
Surface-enhanced raman scattering

19.1 Introduction

Porous materials are classified into three groups by International Union of Pure and
Applied Chemistry (IUPAC) as follows: microporous with pore sizes less than
2 nm in diameter, mesoporous with pore sizes between 2 and 50 nm, and macro-
porous with pore sizes larger than 50 nm [1]. No definition is included for nano-
porous materials in the IUPAC nomenclature. However, the term nanoporous
material is usually used for the materials with pore size ranging from several nm to
hundreds nm as shown in Fig. 19.1. Nanoporous metals (NPMs) are characterized
by interconnected skeleton (ligaments) and nanosized pores. The pore size is tun-
able from a few nanometers to micron depending on the fabrication conditions.
NPMs have a large surface-to-volume ratio, which can be used for further func-
tionalization by surface chemistry, extending their application to a wide range of
scientific and engineering fields. NPMs have various remarkable properties, such as
electrical and thermal, magnetic, optical, surface-enhanced Raman scattering
(SERS), mechanical, catalytic, and electrocatalytic properties, which result from
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their characteristic nanosized structure [2, 3]. Various applications are expected in
chemical, physical, and mechanical fields based on the unique properties.

Figure 19.2 shows representative photographs of NP Cu and NP Pd fabricated
from CuMn and NiPdP alloys, respectively. The former and the latter were prepared
by chemical etching and electrochemical etching, respectively. NP Cu has an
interconnected and random 3D morphology. The morphological relation between
solid ligaments and empty pore channels is quite similar to that formed by spinodal
decomposition. The size of nanopores of NP Pd is smaller than that of NP Cu,
although NP Pd has a similar interconnected 3D nanostructure. Hence, the sizes of
nanopore and ligament depend on various factors, such as the kind of alloys,
original grains, dealloying method, and dealloying conditions.

This paper focuses on the preparation, catalytic and optical properties of NPMs,
although a wide range of application in science and engineering is now exploring
for NPMs. NPMs are attractive materials not only for heterogeneous catalyst but
also for surface plasmon because of their characteristic nanostructure.

1 100 100010

Micro- Meso- Macroporous

nm

IUPAC nomenclature

Nanoporous
Fig. 19.1 Length scale of
nanoporous and other porous
materials

40 nm100 nm

(a) (b)

Fig. 19.2 Microstructures of a NP Cu prepared from MnCu alloy and b NP Pd from NiPPd alloy
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19.2 Preparation of NP Metals

The most common methods used for the fabrication of NP metal are chemical and
electrochemical dealloying, although many methods have been developed to fab-
ricate NP metallic materials, such as dealloying [4], templating [5], anodization [6],
laser etching [7], combustion synthesis [8], sol–gel [8], and thermal decomposition
[9]. Among these methods, dealloying is described here as a representative method
for the preparation of NPMs. Many nanoporous pure metals have been prepared by
chemical etching from various alloys such as Ag–Au [4, 10], Al–Au [11], Cu–Au
[12], Al–Cu [13], Zn–Cu [13], Mn–Cu [13], Ni–Cu [13], Cu–Pt [14] and Mg–Cd
[15]. When a binary alloy consists of a more noble element and a less noble
element, the less noble element is selectively etched away and the more noble
element remains in the parent alloy during dealloying.

Various model have been proposed for the formation mechanism of NPMs. In
2001, Erlebacher et al. [16] proposed a continuum model for dealloying. The
continuum model explains that nanopore formation is attributed to an intrinsic
dynamical pattern formation process because the more noble atoms are moved to
aggregate into two-dimensional clusters through a phase separation process (spin-
odal decomposition) at the solid/electrolyte interface. Figure 19.3 illustrates the
dealloying process of a binary alloy. Initially, a less noble metal is dissolved from
the surface of the alloy. As the isolated more noble atom is unstable and insoluble to
the electrolyte, the more noble atoms diffuse on the electrolyte/alloy interface,
accumulating on the surface. During diffusion, the less noble elements can appear
on the top surface of alloy because the locally blocking more noble metal moves
away. Less noble metal thus appears on the top surface of alloy can dissolve in the
electrolyte.

Acid or base solution

Noble metal
Less-noble metal

Fig. 19.3 Scheme for the
dealloying of binary alloy
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19.3 Nanoporous Metals in Heterogeneous Catalysis

NPM catalysts hold several advantages such as simple preparation, easy recovery,
repeated use, excellent electric conductivity, and integration into device platforms.
In addition, these unsupported nanocatalysts have much simpler structures than
supported ones. Therefore, unsupported NPM is a model for the discussion of key
parameters, such as size, strain, and electronic effects. Moreover, the catalytic
activity of NPMs is different from that of supported nanoparticles for certain
reactions because of their different nanostructures.

The important and successful example of dealloying catalyst is “Raney nickel”,
which is used in the hydrogenation of alkenes and aromatics, ammonolysis,
reductive alkylations, and dehydrogenation [17]. Raney nickel is a nanoporous form
of Ni produced by leaching Al out of Ni–Al alloys using sodium hydroxide. The
resulting alloy includes approximately 85 wt% Ni and exhibits a high specific
surface area of approximately 70–100 m2 g−1 [18]. Hence, Raney nickel is called
“skeletal catalysts” or “sponge metal catalysts”.

Gold has been known as an inert metal and thus is not regarded as a good
catalyst. However, the remarkable catalytic properties of nanoparticle Au has been
disclosed from the late 1980s [19]. Unsupported NP Au shows remarkable catalytic
activity for CO oxidation, even at temperatures as low as −30 °C [20, 21]. In NP
Au system, CO adsorption is considered to be the rate-limiting step [22], whereas
the surface oxidation of CO is rate-determining step in the supported gold
nanoparticles [23]. The use of NP Au for the long time results in the coarsening of
the NP Au catalyst even at temperatures below room temperature, leading to the
irreversible catalyst deactivation.

During dealloying, a small amount of Ag remains within the texture of NP Au,
as the NP Au was prepared from Ag–Au alloy by chemical etching. For the CO
oxidation, therefore, the Ag residues can segregate to the surface and may con-
tribute to the catalytic activities. Wittstock et al. [24] reported CO oxidation reac-
tion over chemically dealloyed NP Au, and suggested that the segregated metallic
Ag on the gold ligaments is the dissociation and activation site of O2, which is the
key step of CO oxidation. Pre-activation to of NP Au catalysts was required to
achieve decent activity for CO oxidation [24]. However, NP Au dealloyed by an
electrochemical method with much smaller ligament sizes is quite active for CO
oxidation at low temperature (<0 °C) without any pre-activation [20, 21]. From
these deferent results, the catalytic activity appears to depend on the characteristic
nanostructure of NP Au, not on the presence of metallic Ag. The high catalytic
activity of NP Au is attributed to the high density of the low-coordinated surface Au
atoms in NP Au, which cover the high surface area of the gold ligaments. The
interconnected short and curved Au ligaments in NP Au have a high radius of
curvature. Thus, these low-coordinated step edges and kinks act as the active sites
for catalytic reactions.

NP Au has been utilized for liquid phase heterogeneous catalyst [25]. Although
unsupported Au colloids is reported to be quite active catalyst for the oxidation of
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D-glucose to D-gluconic acid, they lose the catalytic activity after several minutes
owing to rapid particle aggregation. On the other hand, dealloyed NP Au also is
very active for this reaction and has better structure stability. The high reactivity
was observed for NP Au up to the ligament sizes as large as 60 nm [25]. NP Au
with small ligament sizes has higher catalytic activity than those with larger liga-
ment sizes. Similar to the gaseous catalytic reactions by NP Au, Au atoms on the
step edges and kinks are the active sites for the selective oxidation reaction in the
liquid phase.

1-Phenylethanol 1 was reacted with O2 in MeOH at 60°C for 10 h in the
presence of NP Au, affording acetophenone 2 in 88% yield (Scheme 19.1) [26].
Various allylic and heteroaromatic alcohols were oxidized to corresponding ketones
from 80 to 98% yield. Aliphatic secondary alcohols were oxidized in high yields by
increasing the loading amount of NP Au.

Organosilanol is usually synthesized from organosilane via oxidation with water
using metal particles as catalysts. In addition to the decrease of catalytic activity due
to the agglomeration, the condensation of silanols proceeds, yielding disiloxanes as
by-products. On the contrary, the NP Au catalyzes the oxidation of various
organosilanes, affording corresponding silanols in high yields under mild condi-
tions. The rapid evolution of hydrogen gas during reaction was confirmed
(Scheme 19.2) [27]. The oxidation of dimethylphenylsilane ((C6H5)(CH3)2SiH) 3
with H2O using NP Au catalyst undergoes oxidation smoothly at room temperature,
yielding dimethylphenylsilanol 4 quantitatively. No disiloxane, 1,1,3,3-
tetramethyl-1,3-diphenyldisiloxane, was formed as a by-product of the reaction.
The turnover number is up to 10,700. Under the reaction conditions, no grain
growth was observed for Au ligaments of NP Au after repeated use. A variety of

C CH3

NP Au, O2

60 C, 10 h
OH

H

C CH3

O

1 2

Scheme 19.1 Oxidation of 1-phenylethanol 1 to acetophenone 2 with NP Au

+Si

CH3

CH3

H H2O Si

CH3

CH3

OH H2+
NP Au

rt, 1 h

3 4

Scheme 19.2 Oxidation of dimethylphenylsilane 3 to dimethylphenylsilanol 4 with NP Au
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organosilanes were found to undergo the catalytic oxidation with NP Au [27].
Aromatic silanes and sterically hindered trialkylsilanes were oxidized effectively. In
addition, tri-, di-, and mono-phenylsilanes can be oxidized to the corresponding
oxygenated products in high yields. Alkenyl- and alkynyl-substituted silanes
derivatives were oxidized smoothly. No hydrogenation of their multiple bonds
occurred during reaction, although H2 gas was generated from the Si–H bond of
starting silane.

NP Pd was also used for the Suzuki–Miyaura coupling reaction [28].
Iodobenzene 5 was reacted with p-tolylboronic acid 6 using NP Pd catalyst in
KOH-MeOH at 50 °C for 3 h, producing the corresponding biphenyl product 7
almost quantitatively (Scheme 19.3) [29]. Although Pd nanoparticles can be used
for the Suzuki–Miyaura coupling, this catalyst undergoes agglomeration under the
reaction conditions, resulting in deactivation of the catalyst. In contrast, NP Pd
exhibited an excellent catalytic activity under the same conditions without any
additives, such as supporter, ligand, or stabilizer. Recovery and reuse of NP Pd are
extremely easy. High yield of the products was maintained after the repeated use of
the catalyst. The Suzuki-coupling reactions with NP Pd was successfully applied to
various combination of aryl iodides, aryl bromide, and arylboronic acids, affording
the coupling product in high yields [29].

Heck reaction is the palladium catalyzed coupling reaction between aryl halides
or vinyl halides and activated alkenes. Iodobenzene was reacted with acrylic acid in
the presence of NP Pd in KOH-MeOH gave cinnamic acid in 84% yield [30]. The
reaction was applied to the coupling between less reactive arylbromides and alkene.
4-Bromoacetophenone 8 was treated with styrene 9 in the presence of NP Pd in N,
N-dimethylacetamide at 140 °C for 12 h, affording the coupling product 10
quantitatively (Scheme 19.4). The repeated use of NP Pd was confirmed for the
coupling reaction. The product was obtained quantitatively at least five times after
the repeated use of NP Pd.

NPM catalysts are characterized by high surface area, bicontinuous intercon-
nected 3D ligaments, and surfaces enriched of low-coordinated metal atoms on the
step edges. Furthermore, the recovery and recycle of NP ribbon is easy, as the
nanostructure undergoes no agglomeration. Further surface modification of NPMs
by other metals is expected for the development of novel catalytic reaction.

NP Pd

50 C, 3 h

I
+

CH3

(HO)2B

CH3

5 6 7

Scheme 19.3 Suzuki–Miyaura coupling reaction between iodobenzene 5 and p-tolylboronic acid
6 using NP Pd
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19.4 Optical Applications of NPMs

Nanostructured metals exhibit surface plasmon resonance (SPR), which is a dra-
matically different property from bulk metals [31]. SPR is the collective oscillation
of the free conduction electrons excited by visible light when the structural feature
of metals is far smaller than the wavelength of light. Two types of SPR, propagating
SPR (p-SPR) and localized SPR (l-SPR), are known as the optical resonances of
nanostructured metals. Metal ligaments and pore channels in dealloyed NPMs
possess much smaller sizes than those of the wavelength of visible light (400–
700 nm). Therefore, similar to the cases of grating, nanoparticle, and nanorod,
significant SPR is expected for NPMs within the visible wavelength.

The planar gold skeletons consisting of nanopores simultaneously support both
p- and l-SPR. NP Au membranes exhibit simultaneous excitation of p-SPR in
planar metal films and l-SPR [32, 33]. Propagating SPR of NP Au depends on the
wavelength. The increase in the sharpness of the p-SPR dip and the decrease in the
dip angle were observed when the laser wavelength increases [32]. As NP Au
consists of hollow channels and metal ligaments, its huge metal/dielectric interfaces
can be used for application in plasmonic sensing to detect biomolecules.

The optical properties of NP Au are varied with Ag shell on the gold core.
Localized SPR spectra of NP Au usually have a wide plateau with two charac-
teristic peaks from *350 to *470 nm, corresponding to transverse and longitu-
dinal plasmon absorptions of Au ligaments [34]. The two peaks have different
plasmonic responses when the thickness of the Ag shell increased to 10 nm. The
peak at the low wavelength of *350 nm did not shift with Ag plating. This result
indicates that this SPR band may derive from the resonant absorption of the gold
film. In contrast, the SPR band at the long wavelength of *470 nm undergoes a
significant blue shift to 450 nm with increasing the thickness of the Ag shell larger
than 10 nm. This is the characteristic of the continuous gold 3D skeleton covered
with Ag film.

NP Au is a highly active substrate with biocompatibility for surface-enhanced
Raman scattering (SERS) [33, 35]. The SERS effect of NP Au and NP Au-based
composites are reported [35]. The Raman scattering intensities of rhodamine 6G
(R6G) molecules adsorbed on the nanopore of NP Au films increase with
decreasing in nanopore size from *700 to *5 nm. The SERS of NP Au is
enhanced by the characteristic lengths of the nanoporosity. The maximum SERS

Br

+ C6H5
NP Pd

140 C, 12h

C6H5

CH3C
O

CH3C
O

8 9 10

Scheme 19.4 Heck coupling reaction between 4-bromoacetophenone 8 and styrene 9 with NP Pd
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enhancement of NP Au is observed for the sample with nanopores *5 nm in size.
Similar enhancement of SERS is reported for other organic molecules on nano-
porous copper [35, 36]. Therefore, the increase in SERS intensity from smaller
nanopore size is recognized as an intrinsic property of NPMs.

Chemical enhancement from the interaction between adsorbed molecules and
NP Au substrates causes the SERS effect of NP Au. Moreover, electromagnetic
enhancements from the coupling between localized SPR and incident laser con-
tribute to the SERS phenomenon. The small pore size provides large internal sur-
faces for the adsorption of target molecules, resulting in the generation of the strong
Raman signals. In addition, the SERS effect of NP Au mainly results from the
electromagnetic field enhancement owing to plasmon excitation of NP Au by the
incident laser light.

The SPR of NPMs can be tailored with controlled nanopore and ligament sizes,
yielding the tunable optical properties, leading to promising applications of NPMs
in optical devices and biochemical detectors and sensors.

19.5 Future Remarks

Catalysis based on extended NPMs is in a preliminary stage of development. It is
expected other NPMs based on catalytically active metals will be reported with this
dealloying method, which can exhibit favorable properties for important applica-
tions ranging from chemical processing to environmental technologies. As NPMs
possess the properties of both metals and nanostructured materials, NPMs are
expected for application in advanced energy technologies, such as fuel cells,
lithium-ion batteries (LIBs), and supercapacitors.

NPMs combine properties of high electronic conductivity of metal ligament, fast
diffusion of fuel molecules through open nanopores, higher corrosion resistance
than carbon, and strong bonding between Pt catalyst and NPM substrate, exhibiting
remarkable candidates for electrode materials of hydrogen fuel cells [37]. The Pt
stabilized with other metals on NP Au was found to increase the tolerance to CO
poisoning, and was successfully used for the direct formic acid fuel cell [38].

The electrode materials of Li-ion batteries and Li–air batteries require the
electrodes properties of high electronic conductivity with large surface area and
porous structure for Li-ion diffusion. In addition, the electrode should possess the
space to accommodate large volume expansion during charge–discharge process of
Li. The bicontinuous structure of NPMs has high tolerance to volume change
during charge–discharge cycle, prolonging the cycle stability and life of LIBs.
A high and reversible capacity was observed for Sn-based NP Au electrode system
based on the porous and good conductive NP Au [39]. The LIBs constructed with
SnO2 deposited NP Cu electrodes kept the almost 96% initial charge capacity after
repeated cycle test [40]. MnO2 decorated NP Cu composite electrode of LIBs
exhibited high charge–discharge energies with extremely high rates [41].
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The high conductivity, large interfacial surface, and open porosity of NPMs are
quite favorable properties for electrochemical double layer capacitor and framework
of the supercapacitor. MnO2 and poly(aniline) on NP Au exhibited a high energy
density [42]. All-solid-state ultrathin supercapacitor was fabricated using poly-
pyrrole modified NP Au membrane [43]. Self-grown oxyhydroxide on NP Ni–Mn
alloy had a strong chemical bond to the 3D framework, leading to the high cyclic
stability of the capacitor up to 4000 cycles [44]. MnO2/NP Au/MnO2

sandwich-type capacitor was fabricated to increase MnO2 loading [45]. The
sandwich-type electrode had a very small charge transfer resistance at the
three-phase interface of MnO2, electrode and NP Au, which is attributed to full
utilization of redox reaction with high charge storage efficiency.

In the electrochemical systems of fuel cell, LIBs, and supercapacitor, not only
the phase boundary at the electrode/electrolyte interface, but also the separation of
electron and ion transfer play an important role for their highly efficient operation.
As NPMs and modified NPM composites are the suitable scaffolds for three elec-
trochemical systems, NPMs are expected for further progress in advanced energy
materials.

19.6 Conclusions

The porosity tuning of NPMs is possible over a wide range of length scales via
simple postprocessing at room temperature by immersion in electrolytes or thermal
annealing at moderate temperatures. The mechanical rigidity, chemically stability,
and often biocompatibility of NPMs can be immediately utilized for applications in
catalysis or sensing, as well as supplying a conductive scaffold for the construction
of new nanomaterials. Properly designed multifunctional nanostructures offers the
fascinating future of NPMs for a broad range application in catalysis, biotechnol-
ogy, optics, sensing, and energy-generating technologies.
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Chapter 20
Amorphous Alloy Membranes
for Hydrogen Separation
and Purification

Shin-ichi Yamaura

Abstract Studies on hydrogen permeation of Ni–Nb–Zr amorphous alloys con-
ducted by the author’s research group are overviewed. In the early stage of these
studies, it was found that the hydrogen permeation coefficients of Pd-coated
(Ni0.6Nb0.4)70Zr30 amorphous alloys were 1.3 � 10−8 mol m−1 s−1 Pa−1/2 at 673 K
and that its crystallization temperature was 794 K. Furthermore, the mechanism of
hydrogen permeation was discussed based on radial distribution function analysis.
Hydrogen extraction and purification from methanol steam reformed gas were suc-
cessfully conducted by using a Ni–Nb–Zr-based amorphous alloymembrane. The Nb
content was then increased to increase the crystallization temperature of the Ni–Nb–
Zr-based amorphous alloys. The crystallization temperatures of theNb42Ni40Co18 and
Nb42Ni32Co6Zr20 amorphous alloys were 913 K and 859 K, respectively. The
hydrogen permeation coefficient of the Pd-coated Nb42Ni32Co6Zr20 amorphous alloy
was found to be 1.14 � 10−8 mol m−1 s−1 Pa−1/2. This value is as high as that of the
traditionally used Pd-based alloys. The possibility and challenges for applying
amorphous alloys for hydrogen permeable membranes are discussed in this chapter.
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20.1 Introduction

Recently, demand for conversion of the present fossil fuel consuming society to a
hydrogen-powered society has been greatly increasing worldwide due to the
recognition of the need to suppress global warming and to solve pollution and
energy problems. A large number of researchers and engineers have made great
efforts to develop new fuel cells with higher performance. It is important to not only
improve fuel cell technologies but also to establish mass-production techniques of
pure hydrogen, so that fuel cells can be practically employed in the coming
hydrogen-powered society. The present author has studied hydrogen permeation of
amorphous alloy membranes and reported that Pd-coated Ni–Nb–Zr amorphous
alloys possess excellent hydrogen permeability, as high as that of Pd metal [1].
Thus, in this chapter, investigations on amorphous alloys for hydrogen permeable
membranes by the author’s research group will be briefly reviewed from the
viewpoint of material development and its application for hydrogen production.

20.2 Hydrogen Permeable Membrane for Hydrogen
Production

These days, there are many methods for the production of pure hydrogen [2–4]. For
example, pure hydrogen can be obtained by reforming fossil or bio-derived fuels
and by water electrolysis. In the case of reformation to produce hydrogen, a
purification process using a hydrogen permeable membrane is necessary at the final
step because reformed gas contains a large amount of by-product contamination
gases such as CO, which degrade fuel cell performance [5]. The mechanism of the
purification process using a hydrogen permeable membrane is simple and
cost-efficient, as well as being suitable for continuous production [6]. Moreover,
phase transformation does not occur in the membrane process, which is also
regarded as an energy-saving process in general. Therefore, if a mass-production
technique to obtain pure hydrogen using a membrane process were to be estab-
lished, it would be possible to produce a large amount of pure hydrogen in a cost-
and energy-efficient manner.

Recently, three different types of hydrogen permeable membranes have been
studied and developed: a polymer membrane [7], a porous ceramic membrane [8]
and a metallic membrane [9]. Of these membranes, the metallic membrane is
thought to be the most excellent one because it shows the best hydrogen selectivity
and, at the same time, possesses high thermal stability. Indeed, the Pd–Ag alloy
membrane has been employed for hydrogen purification for decades in the semi-
conductor engineering field and also in the nuclear engineering field [10]. However,
the Pd metal is a noble metal and its availability is limited, so the wide use of Pd–
Ag alloy membranes for hydrogen production systems at low cost is obviously
difficult. Thus, non-Pd-based alloys that can substitute for Pd-based alloy
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membranes have been widely studied by many researchers. For example, the V and
Nb metals with a bcc (body-centered crystal) structure can show high diffusivity of
hydrogen, and they have been adopted as a base metal for development of a
non-Pd-based alloy membrane. It has been reported that the V–Ni alloy showed
high hydrogen permeability [11].

20.3 Hydrogen Permeability of Amorphous Alloys

Hydrogen permeability of various amorphous alloys has been reported by many
research groups [12], for example, Fe–Ni–P–B amorphous alloy thin ribbons [13],
LaNi5 amorphous alloy thin films [14, 15], Fe–Ti amorphous alloy thin films [16],
Ni–P amorphous alloy thin films [17], Ni–Zr amorphous alloy thin ribbons [18],
Fe–Ni–B–Mo amorphous alloy thin films [19], and so on. The advantages of
applying amorphous alloys for hydrogen permeable membranes are as follows:
(1) Distinct hydrides may not be formed even after absorbing hydrogen in an
amorphous alloy, probably leading to relatively high immunity against hydrogen
embrittlement. (2) Amorphous alloys can show higher hydrogen solubility and
diffusivity than their crystalline counterparts depending on the chemical composi-
tions. (3) A thin membrane (20–50 lm in thickness) of amorphous alloy having
intrinsically high mechanical strength can be easily produced by melt-spinning
depending on the chemical composition. So far, the author’s group has also
attempted to develop amorphous alloys having high hydrogen permeability, looking
into in a wide composition range of binary, ternary and quaternary alloy systems.
Recently, Inoue et al. found that Ni–Nb–Ti–Zr glassy alloys having a wide
supercooled liquid region DTx (= Tx − Tg, Tx: crystallization temperature, Tg: glass
transition temperature) could be formed in a wide quaternary composition range
[20]. Subsequently, Kimura et al. reported that Ni–Nb–Zr alloys could be formed in
an amorphous state or in a glassy state depending on the chemical compositions in a
wide ternary composition range [21]. We therefore commenced study of hydrogen
permeability of the Ni–Nb–Zr-based amorphous alloys prepared by melt spinning.

20.4 Hydrogen Permeability of the Ni–Nb–Zr Amorphous
Alloys

First, (Ni0.6Nb0.4)100−xZrx (x = 0, 20, 30, 40, 50 at.%) mother alloy ingots having
nominal chemical compositions were prepared by arc-melting raw materials of Ni,
Nb and Zr in a dilute Ar atmosphere. Those mother alloy ingots were crushed and
the pieces were placed in a quartz nozzle. The crushed alloy pieces were heated in
the quartz nozzle by using a high frequency induction coil and then the molten alloy
was injected from the nozzle slit onto a rotating Cu wheel in a dilute Ar atmosphere.
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Consequently, a thin alloy ribbon was obtained. The obtained melt-spun ribbons
were about 10–100 mm in width and 40 lm in thickness.

Figure 20.1 shows examples of melt-spun amorphous alloys [22, 23]. Indeed,
the 100 mm wide amorphous alloy ribbon shown in Fig. 20.1b was successfully
produced as part of collaboration with a materials company [23]. The amorphicity
and the crystallization temperature, Tx, of the melt-spun ribbon specimens were
examined by using X-ray diffractometry (XRD, Cu-Ka, 40 kV, 40 mA) and dif-
ferential scanning calorimetry (DSC, heating ratio: 0.67 K/s), respectively. The
membrane specimens were then polished with emery paper by hand to remove the
surface oxide layer and a palladium thin layer was deposited on both sides of all the
specimens by RF magnetron sputtering as an active catalyst for promoting
hydrogen dissociation and recombination during permeation. The thickness of the
deposited Pd layer was about 0.1 lm. These Pd-coated membranes were used for
all the subsequent permeation tests.

Figure 20.2 shows schematics of (a) a sample holder [22] and (b) an apparatus
for permeation measurement [24]. The membrane specimen was mounted in the
sample holder using Al gaskets. As clearly shown in the figure, the upper stream
gas was introduced into the holder and then permeated hydrogen was exhausted
from the lower stream side. Hydrogen permeation measurements were conducted
with the conventional gas permeation technique shown in Fig. 20.2b. A leak check
was carefully done by using helium gas to confirm that the membrane specimen had
no pinhole before starting the measurement. At first, the apparatus and sample
holder were evacuated by using a rotary pump and then argon gas was introduced
into the apparatus. This operation was repeated several times before heating the
sample holder. After that, the sample holder was again evacuated and heated up to

(a) (b)

Fig. 20.1 Photographs of the melt-spun (a) Ni60Nb20Zr20 amorphous alloy, 10 mm in width [22]
and (b) (Ni0.6Nb0.4)45Zr50Co5 amorphous alloy, 100 mm in width. Reprinted from Ref. [23],
Copyright 2006, with permission from Elsevier
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the test temperature of 573–673 K. Hydrogen gas was introduced to both sides of
the membrane specimen. The gas pressure in the lower stream side was fixed to
atmospheric pressure and that in the upper stream side was controlled to a pressure
higher than the atmosphere, making a pressure difference of about DP = 0–
0.3 MPa.

In general, the permeation of hydrogen through a membrane is thought to occur
through the following three steps [22]; (i) the dissociation of hydrogen gaseous
molecules into hydrogen atoms on the upper side surface of the membrane, (ii) the
diffusion of hydrogen atoms through the membrane, and (iii) the recombination of
hydrogen atoms on the lower side surface and then evolution of hydrogen gas.

Hydrogen permeation rate J [mol s−1] can be calculated by the following
equation:

Electric Furnace

Sample membrane

Al-gasket

H2

Upper-stream H2

Lower-stream

Holder

Closed during the  
measurements

Mass Flow Controller

H2

He Mass Flow Meter

Rotary Pump

Mass Flow Controller

Valve

Valve

Valve

Valve Valve

Valve

Valve

Heater

Sample holder
(Metal Gaskets, Sample membrane)

By-pass

Pressure Control
Regulator

Valve

(a)

(b)

Fig. 20.2 Schematics of a sample holder [22] and b apparatus for hydrogen permeation
measurement after [24]
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J ¼ P � S
t

ffiffiffiffiffiffiffiffiffiffiffi

pupper
p � ffiffiffiffiffiffiffiffiffiffiffi

plower
p� �

; ð21:1Þ

where P is the hydrogen permeation coefficient [mol m−1 s−1 Pa−1/2], S is the
permeation area [m2], and t is the membrane thickness [m]. The hydrogen pressures
of the upper side and of the lower side are pupper [Pa] and plower [Pa], respectively.
The hydrogen permeation coefficient P is the inherent value of the material, so the
increase in the P value is one of the important requirements for the development of
good hydrogen permeable membranes.

Figure 20.3 shows the XRD patterns of melt-spun Ni–Nb–Zr alloy ribbons [25].
As you can see in the figure, no sharp peaks but only a broad halo peak appeared,
indicating that all the melt-spun alloys possess a single amorphous phase.

Figure 20.4 shows the results of the hydrogen permeation measurements of these
alloys summarized in an Arrhenius plot [25]. The permeation coefficients of the
Pd-23 mass%Ag alloy and Pd metal are included in the figure. As observed in the
figure, the hydrogen permeation coefficient increased with increasing Zr content
and also with increasing test temperature. The hydrogen coefficient of the alloy with
Zr content of 30 at.% or larger is higher than that of the Pd metal. The hydrogen
permeation coefficients were 1.3 � 10−8 and 1.59 � 10−8 [mol m−1 s−1 Pa−1/2] at
673 K for the (Ni0.6Nb0.4)70Zr30 and the (Ni0.6Nb0.4)50Zr50 amorphous alloys. As
can also be observed in Fig. 20.3, the broad halo peak position shifted to the lower
angle side with higher content of Zr addition, leading to an increase in atomic
distance. From these observations, it was concluded that the amorphous alloy

Fig. 20.3 XRD patterns of
the Ni–Nb–Zr melt-spun
alloys. Reprinted from Ref.
[25], Copyright 2005, with
permission from Elsevier
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having a larger atomic distance possessed higher hydrogen permeability in this
alloy system. In order to investigate the local atomic configuration of the alloys
more precisely, radial distribution function (RDF) analysis was conducted for these
alloys.

20.5 Local Atomic Configuration of the Ni–Nb–Zr
Amorphous Alloys

Figure 20.5 shows the ordinary pair distribution functions in the melt-spun Ni–Nb–
Zr alloys before and after heat treatment in the hydrogen atmosphere, calculated by
the Fourier transformation of the ordinary interference functions obtained from the
XRD data [25]. The solid and dotted lines correspond to the curves for the as-spun
and hydrogenated samples. The (Ni0.6Nb0.4)70Zr30 and the (Ni0.6Nb0.4)50Zr50
amorphous alloys absorbed hydrogen up to 33.7 at.% and 48.9 at.%, respectively,
while the Ni60Nb40 amorphous alloy absorbed hydrogen only 1.5 at.%. As a result,
it was found that there was no difference between the curves of the Ni60Nb40
amorphous alloy which hardly absorbed hydrogen before and after hydrogenation.
On the contrary, a distinct peak corresponding to the presence of Zr–Zr pairs
appeared drastically by Zr addition and the atomic distance between the Zr atoms
increased with absorbed hydrogen content. However, the distance of the other
atomic pairs such as Ni–Zr and Ni–Ni and Ni–Nb changed only slightly even after
hydrogenation.

The mixing enthalpy (heat of mixing) between the constituent atoms may also
play an important role in the formation of a distinctive amorphous structure.
Actually, amorphous alloys can be synthesized in a wide range of the Ni–Nb–Zr
ternary alloy compositions. The mixing enthalpies of Ni–Nb and Ni–Zr pairs are

Fig. 20.4 Arrhenius plot of
hydrogen permeability of the
Ni–Nb–Zr amorphous alloys.
Reprinted from Ref. [25],
Copyright 2005, with
permission from Elsevier
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large negative values where those binary amorphous alloys can also be formed
easily by melt-spinning. On the contrary, that of Nb–Zr pair is positive. So, in the
author’s opinion, the Nb-slightly-condensed area and the Zr-slightly-condensed
area may exist very locally, even in a macroscopically homogeneous amorphous
structure of the Ni–Nb–Zr ternary amorphous alloy and hydrogen atoms can per-
meate through such a Zr-rich area having a relatively large interatomic distance.

From these observations, it was concluded that hydrogen may easily permeate
through the expanded free volume around the Zr–Zr pairs where the distance
between the Zr atoms increases after hydrogenation, with the result that the
excellent hydrogen permeation is achieved in the (Ni0.6Nb0.4)70Zr30 and the
(Ni0.6Nb0.4)50Zr50 amorphous alloys.

Figure 20.6 shows the results of hydrogen permeation measurement of
(Ni0.6Nb0.4)100−xZrx (x = 0, 20, 30, 40, and 50 at.%), (Ni0.5Nb0.5)100−xZrx (x = 0,
10, 20, and 30 at.%) and Ni70−x/2Nb30−x/2Zrx (x = 10, 20, 30, 50, and 60 at.%)
ternary alloys superimposed on a triangle map of the glass-forming ability
(GFA) [21]. Melt-spun specimens having a certain chemical compositions show a
transformation from a solid state to a supercooled liquid state in the heating process
and are recognized as glassy alloys, indicated by double circles in the map. The
open circles indicate the amorphous alloys. The solid circles indicate crystalline
alloys having alloy compositions we cannot produce amorphous alloys by
melt-spinning. As seen in the figure, a tendency for hydrogen permeation to
increase with increasing Zr content was observed. Also, the Nb addition seems to be
effective to increase hydrogen permeation. The composition region in which it is

Fig. 20.5 Ordinary radial distribution functions in the melt-spun alloys before and after heat
treatment in the hydrogen atmosphere. Reprinted from Ref. [25], Copyright 2005, with permission
from Elsevier
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possible to synthesize glassy alloys does not always correspond to the composition
region in which the alloys can show the highest hydrogen permeation. This is an
important point when we develop amorphous alloys and glassy alloys as practical
functional materials.

20.6 Long-Time Durability Tests

Figure 20.7 shows the results of long-time durability tests conducted at 573 K for
100 h, indicating the time-dependent change of the hydrogen permeabilities of the
melt-spun (Ni0.6Nb0.4)55Zr40Co5 and (Ni0.6Nb0.4)45Zr50Co5 amorphous alloys (re-
calculated after [23]). Co was added to the Ni–Nb–Zr ternary amorphous alloys
with the expectation that it would mitigate hydrogen embrittlement. These alloys
did not show a significant decrease in hydrogen permeation at 573 K during the
long-time tests, but both alloys showed a tendency for the gradual decrease of
hydrogen permeation.

Figure 20.8 shows the XRD patterns of the alloys after the tests [23]. As can be
seen in the figure, the (Ni0.6Nb0.4)55Zr40Co5 alloy possessed a single amorphous
phase even after being tested for 100 h, whereas the crystalline peak that came from
the crystalline Nb metal appeared in the (Ni0.6Nb0.4)45Zr50Co5 alloy. Crystallization
causes severe embrittlement of amorphous alloys because of the precipitation of
intermetallic compounds of major constituent elements, so optimization of chemical
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compositions of amorphous alloys is necessary to avoid crystallization. In this case,
it seems that due to its lower Zr content, the (Ni0.6Nb0.4)55Zr40Co5 alloy is
preferable to the (Ni0.6Nb0.4)45Zr50Co5 alloy from the viewpoint of stabilizing the
amorphous structure (those crystallization temperatures and the amount of hydro-
gen absorption in those alloys). Amorphous alloys are thermally more unstable than
ordinary crystalline alloys because of their random atomic arrangement, like being
frozen in a nonequilibrium liquid state. Therefore, it is preferable to increase the
crystallization temperature, Tx, as high as possible even if the amorphous alloy is
used at 573 K. Also, it is preferable to decrease the test temperature in order to
avoid not only crystallization but also internal diffusion and disappearance of the Pd
surface layer.
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20.7 Hydrogen Production by Methanol Steam Reforming
Using a Melt-Spun Ni–Nb–Ta–Zr–Co Amorphous
Alloy Membrane

In this section, the result of an experiment of hydrogen purification from the
reformed gas of methanol steam reforming using the melt-spun Ni40Nb20Ta5Zr30Co5
amorphous alloy is introduced. Ta was added to the Ni–Nb–Zr–Co quaternary alloy
to increase its thermal stability (crystallization temperature, Tx) [26]. In this work,
the reformed gas containing steam (H2O), methanol (CH3OH), carbon monoxide
(CO), carbon dioxide (CO2), and hydrogen (H2) was produced by using a catalyst
(Cu-based compounds), and then pure hydrogen was extracted by using the amor-
phous alloy membrane.

Figure 20.9 shows schematics of (a) the sample holder [26] and (b) the exper-
iment system used in this work. The Cu-based catalyst (Sued-Chemie Catalysts
Japan, Inc., MDC-3, CuO/ZnO type) was filled inside the upper side chamber of the
sample holder and then the reformed gas was introduced into the upper side
chamber. The reformed gas was produced by the following reactions:

CH3OH ! COþ 2H2 ð21:2Þ

COþH2O ! CO2 þH2 ð21:3Þ

The total reaction formula is as follows:

CH3OHþH2O ! 3H2 þCO2 ð21:4Þ

In this reaction, a mixed solution of 1 mol CH3OH and 1 mol H2O is heated up
to 473–573 K and introduced into the upper side chamber of the sample holder,
then 3 mol H2 and 1 mol CO2 are produced from the methanol steam by the
catalyst. The hydrogen partial pressure in the upper side chamber is ideally
0.075 MPa. The hydrogen partial pressure in the lower side chamber is kept almost
constant to zero because Ar carrier gas is introduced into the lower side chamber to
sweep permeated hydrogen out of the chamber. The driving force for hydrogen in
the reformed gas to permeate through the membrane from the upper side chamber to
the lower side chamber is the partial pressure difference between the upper side and
lower side chambers mentioned above. Gas samples were obtained from the
reformed gas in the upper stream and from the sweep gas containing the permeated
hydrogen in the lower stream, and were subsequently compared with each other by
TCD-type gas chromatography. The detailed conditions are summarized in
Fig. 20.10.

Figure 20.10 shows a summary of the experimental conditions and the results
[26]. Figure 20.10a indicates the XRD pattern having a broad halo peak and no
sharp peaks observed from the melt-spun Ni40Nb20Ta5Zr30Co5 alloy, confirming
that this sample membrane was successfully produced as an amorphous alloy.
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Conventional hydrogen permeable membranes are used at 573–773 K.
Figure 20.10b shows the DSC curve of the amorphous alloy membrane. A large
exothermic peak appeared at around 850 K, and the crystallization temperature Tx

was about 825 K. The crystallization temperature of the previously reported
(Ni0.6Nb0.4)70Zr30 amorphous alloy was Tx = 794 K [1, 25]. It was found that the
addition of Ta and Co to the Ni–Nb–Zr alloy increased Tx by more than 30 K. The
temperature in this test of hydrogen purification from methanol steam reforming gas
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was fixed at 573 K. Figure 20.10c shows the results of the gas chromatograph
analysis of the reformed gas extracted from the upper side chamber and of the
permeated gas from the lower side chamber. As you can see in the abovementioned
reactions (21.2)–(21.4), the reformed gas contains not only H2 and CO2 but also CO
because the reaction rate of the catalyst did not always reach 100%. In the per-
meated gas, Ar gas was used for sweeping the permeated H2 out of the chamber and
was used for the carrier gas inside the gas chromatograph, so Ar gas was masked so
as not to appear in the spectrum of the permeated gas. Also, the N2 peak which
originated from the slight amount of air remaining inside the chamber was detected
because we did not use a vacuum pump before introducing methanol steam into the
upper side chamber and introducing Ar sweep gas into the lower side chamber.
Moreover, N2 gas may be a contamination caused by taking gas samples from the
gas flows by an injection-type syringe. A small amount of air is inevitably mixed
into the gas sample in the needle of a syringe. Thus, we can ignore those N2 peaks
in the gas chromatograms. Therefore, from these observations, it was clearly shown
that the reformed gas contained H2, CO, CO2, and N2 gases and that the permeated
gas contained H2 and N2 gases only. By comparing the permeated gas with the
reformed gas, it can be concluded that the CO and CO2 gases were completely
removed from the reformed gas. Consequently, only hydrogen gas was extracted
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from the reformed gas by using the amorphous alloy membrane. The possibility of
the application of amorphous alloy membranes for hydrogen purification was
successfully demonstrated in this work.

20.8 Amorphous Alloys with Higher Nb Content

Recently, our research group has attempted to produce amorphous alloys with
higher crystallization temperatures by increasing Nb content in the Ni–Nb–Zr
ternary amorphous alloys. Because Nb is a refractory metal, its significant addition
is expected to drastically increase the crystallization temperature of amorphous
alloys. Thus, Nb-based amorphous alloys were produced by melt spinning.

Figure 20.11 shows (a) the XRD patterns and (b) the DSC curves of melt-spun
Nb42Ni40Co18−xZrx (x = 0, 4, 12 at.%) and Nb42Ni32Co6Zr12M8 (M = Ta, Ti, Zr)
alloys [27]. Only broad halo peaks appeared without any sharp peaks in
Fig. 20.11a, meaning that all the alloys were produced in a single amorphous phase.
The position of the halo peaks shifted to the lower angle side with increasing Zr
content, perhaps indicating a possible increase of hydrogen permeation, analogues
to the findings of the study of Ni–Nb–Zr amorphous alloys. Figure 20.11b shows
the DSC curves of these alloys. None of the specimens showed a supercooled liquid
region. Two exothermic peaks appeared in each curve, indicating that the alloys
crystallized in two-stage crystallization. The onset of the first crystallization peak
corresponds to the crystallization temperature, Tx, of the alloy. The Tx of the
Nb42Ni40Co18 amorphous alloy is 913 K. In a series of these quaternary alloys, Tx

decreased with increasing Zr content. The Tx of the Nb42Ni32Co6Zr30 amorphous
alloy is 859 K. The addition of Ti and Ta to the quaternary alloys seemed to be
effective to increase the Tx. From these observations, it was clearly shown that the
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Ni42Ni32Co6Zr12M8 (M = Ta, Ti, Zr) alloy ribbons. Reprinted from Ref. [27], Copyright 2013,
with permission from the Japan Institute of Metals and Materials
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Nb-based amorphous alloys produced in this study had higher Tx than the previ-
ously prepared alloys.

Figure 20.12 shows the hydrogen permeation coefficients of the Nb-based
amorphous alloys produced in this work [27]. The hydrogen permeation coefficients
of the Nb42Ni40Co18, Nb42Ni40Co14Zr4, Nb42Ni40Co6Zr12, Nb42Ni32Co6Zr12Ta8,
Nb42Ni32Co6Zr12Ti8, Nb42Ni32Co6Zr20 amorphous alloys and the Pd-23%Ag alloy
at 673 K were 0.03 � 10−8, 0.23 � 10−8, 0.69 � 10−8, 0.88 � 10−8,
1.30 � 10−8, 1.40 � 10−8, and 1.14 � 10−8 mol m−1 s−1 Pa−1/2, respectively. The
alloys with Zr content higher than 12 at.% possessed a sufficiently high permeation
coefficient for practical applications.

Figure 20.13 indicates (a) the XRD patterns of the Nb42Ni32Co6Zr20 amorphous
alloy before and after the permeation test at 673 K for 24 h and (b) the depth
profiles of the alloy after the 24 h permeation test obtained by Auger Electron

Temperature, T / K
723 K 673 K 623 K 573 K

1.3 1.4 1.5 1.6 1.7 1.8
Reciprocal Temperature, 1000 T -1 / K-1

1 10-9

H
yd

ro
ge

n 
Pe

rm
ea

bi
lit

y,
P

/ m
ol

·m
-1

·s
-1

·P
a-1

/2

1 10-8

(e) Nb42Ni32Co6Zr20

(b) Nb42Ni40Co6Zr12

(a) Nb42Ni40Co14Zr4

(f) Pd-23%Ag

(c) Nb42Ni32Co6Zr12Ta8

(d) Nb42Ni32Co6Zr12Ti8

Fig. 20.12 Arrhenius plots
of the Nb–Ni–Co–Zr and Nb–
Ni–Co–Zr–M amorphous
alloys and the Pd-23%Ag
alloy. Reprinted from Ref.
[27], Copyright 2013, with
permission from the Japan
Institute of Metals and
Materials

(a) (b)

20

In
te

ns
ity

 (a
rb

. u
ni

t)

40 60 80
2θ / degree

100

Nb42Ni32Co6Zr20 alloy Pd

(b) After permeation test

(a) Pd sputtered

0 200 400
Depth, d / nm

600

0

20

40

60

80

100

A
to

m
ic

 C
on

ce
nt

ra
tio

n 
(%

)

Fig. 20.13 XRD spectra (a) and AES depth profile (b) of Pd-coated Nb42Ni32Co6Zr20 alloy
membrane after 24 h permeation test. Reprinted from Ref. [27], Copyright 2013, with permission
from the Japan Institute of Metals and Materials

20 Amorphous Alloy Membranes for Hydrogen … 311



Spectroscopy analysis [27]. In Fig. 20.13a, it is shown that the amorphous phase
was maintained after the permeation test. The peak positions of the Pd surface layer
shifted to the lower angle side after the permeation test because the lattice of Pd
expanded by hydrogen absorption. In Fig. 20.13b, it can be seen that the compo-
sition ratio of Nb, Ni, Co, and Zr remained unchanged compared with the nominal
compositions, whereas the total amount decreased due to the presence of oxygen.
The authors concluded that an oxide layer formed and that Pd interdiffusion could
lead to a gradual decrease in hydrogen permeation during the long-time test.

20.9 Summary

In this chapter, studies on hydrogen permeation of the Ni–Nb–Zr-based amorphous
alloys by the author’s research group were overviewed. In the early stage of the series
of the studies, the (Ni0.4Nb0.6)70Zr30 and (Ni0.4Nb0.6)50Zr50 amorphous alloys were
prepared by melt-spinning and their hydrogen permeabilities were measured at 573–
673 K. Results showed that the hydrogen permeation coefficients were 1.3 � 10−8

and 1.59 � 10−8 mol m−1 s−1 Pa−1/2 at 673 K for the (Ni0.6Nb0.4)70Zr30 and the
(Ni0.6Nb0.4)50Zr50 amorphous alloys. Those values are equal to or a little higher than
that of the Pd metal.

The hydrogen permeability of those Ni–Nb–Zr ternary amorphous alloys in a
wide range of chemical compositions was described on a ternary composition dia-
gram superimposed on a contour map of amorphous/glass formability. A tendency
for hydrogen permeation to increase with increasing Zr and Nb contents was
observed. As can be clearly seen in this ternary composition diagram, the alloy
composition area in which the hydrogen permeability reached the maximum value
does not correspond to the composition area in which the alloys possess a glassy
phase showing a supercooled liquid state. In the case of the development of
amorphous/glassy alloys, the alloy compositions in which the functional property
you focused on reaches the most suitable value may not always correspond to the
alloy compositions in which the alloy can be produced in an amorphous/glassy state.
Thus, if we give priority to the most suitable functional property, the alloy may not
be able to be produced in an amorphous/glassy state. This is one of the most difficult
points in developing amorphous/glassy functional alloys.

The hydrogen purification test was then conducted by using the Ni40Nb20
Ta5Zr30Co5 amorphous alloy and pure hydrogen was extracted from the methanol
steam reformed gas.

Finally, the Nb-rich amorphous alloys were prepared and their thermal stability
and hydrogen permeability were investigated. As a result, it was found that the
addition of Ti and Ta seemed to be effective in increasing the crystallization
temperature, Tx, in this alloy system. The Tx values of the Nb42Ni40Co18 and
Nb42Ni32Co6Zr20 amorphous alloys were 913 K and 859 K, respectively. The
hydrogen permeation coefficient of the Nb42Ni32Co6Zr20 amorphous alloy was
1.14 � 10−8 mol m−1 s−1 Pa−1/2.
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The potential of amorphous alloy membranes for hydrogen production was
successfully demonstrated in these studies, although there are many challenges to
overcome in developing amorphous alloy membranes for hydrogen production. In
the development of hydrogen permeable membranes, not only high hydrogen
permeability but also high resistivity against hydrogen embrittlement are important.
The hydrogen embrittlement of metallic materials has been a significant problem for
decades. Therefore, hydrogen embrittlement is one of the most important problems
to resolve in development of hydrogen permeable metallic membranes. The author
hopes the problem of hydrogen embrittlement [28] will be solved and consequently
hydrogen permeable amorphous alloy membranes having high hydrogen perme-
ability, high thermal stability and high resistance to hydrogen embrittlement will be
developed and put into practice in the future.
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Chapter 21
Syntheses of Composite Porous
Materials for Solid Oxide Fuel Cells

Hiroya Abe and Kazuyoshi Sato

Abstract This section focuses on the syntheses and characterization of composite
porous materials for solid oxide fuel cell (SOFC) electrodes. Considerable efforts
have been made to enlarge the triple phase boundary (TPB) where electrode,
electrolyte, and pore phases meet, for reducing polarization loss in SOFC.
Composite particles, which consist of electrode and electrolyte materials, have been
prepared for this purpose, because their utilization is to improve the homogeneity of
electrode and electrolyte particle distribution in SOFC electrodes. Among several
wet-chemical routes for syntheses of the composite particles, coprecipitation
method has been found a particular interest because of its simplicity, cost-effective,
and easy scale-up capability. The emphasis will be therefore placed on the devel-
opment of coprecipitation methods for enlarged TPB in SOFC electrodes.

Keywords Solid oxide fuel cells � Triple phase boundary � Coprecipitation �
Composite particle � Structural control

21.1 Introduction

Fuel cells are considered highly efficient devices to convert chemical energy
directly into electrical energy with low emission of pollutants [1]. Among the
several types of fuel cells, solid oxide fuel cells (SOFCs) can achieve highest
efficiency, due to their high operation temperature such as 1000 °C. In the past
several decades, the development of SOFCs has been made significant progress,
resulting in an increase of power density [1].
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SOFCs are composed of a porous cermet anode and a porous oxide cathode,
with a dense electrolyte sandwiched by them (see Fig. 21.1). Typically, air is fed to
the cathode as an oxygen source, and fuel including H2, CO, and CH4 is fed to the
anode. When oxygen gas contacts the cathode/electrolyte interface, the oxygen
molecules are electrochemically reduced to form oxygen ions (O2−). These oxygen
ions are moved through the electrolyte to the anode, where they electrochemically
oxidize the fuel. As the fuel is oxidized, the electrons are released with a higher
potential to an external circuit, thus providing power [2]. State-of-the-art SOFCs are
composed of yttria-stabilized zirconia (YSZ) electrolyte, Ni–YSZ cermet anode,
and a lanthanum–strontium–manganite (LSM) cathode [3].

Recent development on SOFCs have been paid much attention to reduce the
operating temperature into the so-called intermediate range (600–800 °C), with the
aim of cost reduction and durability enhancement of the cells and the system [4].
However, when the temperature decreases, a significant increase in not only elec-
trolyte ohmic resistance but also polarization resistances of both electrodes is
observed [1, 3].

To reduce the electrolyte ohmic resistance at the temperature range, a thin-film
electrolyte configuration has been proposed since the resistance is proportional to
the thickness [5]. As shown in Fig. 21.2, conventional ceramics powder processing
such as tape casting and screen printing has been applied in the fabrication of the
thin-film electrolyte SOFCs, i.e., anode or cathode supported SOFCs. The thick-
nesses down to 10 lm have been successfully achieved and probed to exhibit
excellent electrochemical performance [5]. Another significant contribution is the
polarization resistance of the electrodes. In case of Ni–YSZ cermet anode [6], the
reaction rate for electrochemical oxidation of hydrogen is correlated with the length
of the triple phase boundary (TPB) where Ni, YSZ, and pore phases meet as shown
in Fig. 21.3. In case of LSM–YSZ cathode, it has been also reported that the
oxygen reduction reaction occurs in the vicinity of TPB [7]. These indicate that
making extension of the TPB is a technological aim for the reduction of polarization
loss.

Fig. 21.1 Operation
principle of an SOFC
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Considerable efforts have been made to enlarge the TPB by controlling the
composite microstructure of SOFC electrodes [8, 9]. The previous studies have
used the ball-milling technique and determined that the important parameters are
the particle diameter, powder size distribution, electrode/electrolyte particles
compounding ratio and the degree of calcinations. These control parameters,
however, have complicated optimization of the electrode microstructure.

In addition to the conventional mechanical mixing of the electrode (NiO or
LSM) and the electrolyte (YSZ) particles, their composite particles can be directly
synthesized by wet chemical routes. The purpose of the direct synthesis is primarily
to improve the homogeneity of electrode and electrolyte phase distribution and
thereby to increase electrode performances. Polymeric complexing [10–12], spray
pyrolysis [13–15], and coprecipitation methods [16–18] have been proved to be a

Fig. 21.2 Cross sectional view of an anode-supported SOFC

Fig. 21.3 Schematic diagrams of a electrochemical reaction at Ni–YSZ anode and b triple phase
boundary formed in Ni–YSZ composite porous layer
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good synthesize route for the preparation of composite particles. Among these
routes, the coprecipitation method has been found particular interest because of its
simplicity, cost-effective, and easy scale-up capability. In this section, therefore, the
emphasis will be placed on the development of coprecipitation methods for SOFC
electrodes.

21.2 Precipitation of Metal Hydroxides

The most common method used to collect soluble metal ions from a solution is to
precipitate the species as a metal hydroxide. By raising the pH value of the solution,
the corresponding metal hydroxides become insoluble and precipitate from solu-
tion. First, it is important to understand the precipitation behavior of the metal
hydroxides from the solubility curves [19]. The precipitation of metal hydroxide M
(OH)n can be described as

Mnþ þ n OHð Þ�! M OHð Þn ð21:1Þ

where n is the valence of metal ion in the solution. The solubility product KSP of M
(OH)n is

KSP ¼ ½Mnþ �½OH��n ð21:2Þ

logKSP ¼ log ½Mnþ �þ n � log ½OH�� ð21:3Þ

[Mn+] and [OH−] were the mole concentration of Mn+ and OH− in the solution,
respectively. The ionic product of water at 25 °C under the ambient pressure is
10−14 M2.

� log ½Hþ � � log ½OH� ¼ pHþ pOH ¼ 14 ð21:4Þ

Therefore Eq. (21.3) can be described as follows:

logKSP ¼ log ½Mnþ � � 14n� n log ½Hþ � ð21:5Þ

log ½Mnþ � ¼ � logKSP þ 14n� npH ð21:6Þ

Ksp can be obtained from the literature [20, 21]. For example, Fig. 21.4 shows the
solubility curves of Zr(OH)4, Y(OH)3 and Ni(OH)2 as a function of pH. Metal ion
(Mn+) is stable (unsaturated state) in the left side of the curve, while metal
hydroxide M(OH)n is stable (supersaturated state) in the right side.

The pH value of a solution is controlled using an alkaline solution such as NaOH
or NH3. Typically, the alkaline solution is dropped into the acid solution of the
component cations to obtain the precipitates, which is called as “normal sequence”.
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When the normal sequence is used for the solution dissolved with Zr4+, Y3+, and
Ni2+, Zr(OH)4 precipitates first, then Y(OH)3 and Ni(OH)2 precipitate from the
solubility curves as shown in Fig. 21.4. As a result, the precipitates would be not
homogenous.

21.3 Coprecipitation Under Reverse Sequence

There is an alternative sequence. The mixed cation solution is dropped into the
alkaline solution (reservoir). The reservoir pH can be kept constant by adding the
extra alkaline solution. The pH in the local region undergoes a change near the
droplet, presenting the smaller precipitation system compared to the normal
sequence.

The coprecipitation under the reverse sequence has been investigated by the
authors for synthesizing NiO–YSZ composite particles [19]. Figure 21.5 shows the
effect of reservoir pH on the morphology of the composite particles. The samples
synthesized at pH 10 and pH 11 contained very large NiO grains (see Fig. 21.5b, c).
On the other hand, the nanocomposite particles were synthesized at pH 13 (see
Fig. 21.5d). The clear difference of the microstructure depending on the reservoir
pH can be attributed to the difference of nucleation density and growth of the
hydroxides. When the reservoir pH was the highest, the number density of nuclei
increases and the difference of precipitation rate among Zr(OH)4, Y(OH)3 and Ni
(OH)2 decreases. As a consequence, the fine hydroxide phases with uniform dis-
tribution could be obtained at pH 13. The uniformly distributed NiO and YSZ

Fig. 21.4 Solubility of Zr
(OH)4, Y(OH)3, and Ni(OH)2
as a function of pH at 25 °C.
Reprinted from Ref. [19],
Copyright 2009 with
permission from Elsevier
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phases suppressed the grain growth each other during the subsequent calcination
step, resulting in a successful synthesis of the NiO/YSZ nanocomposite particles at
pH 13.

The anode was fabricated by screen printing of the paste consisting of the NiO/
YSZ composite particles and polyethylene glycol followed by sintering at 1300 °C
for 2 h. Finally, the Ni–YSZ cermet anode was obtained by reducing with H2 + 3%
H2O at 800 °C. The composite particles synthesized at pH 10 resulted in coarse and
inhomogeneous anode microstructure and moderate area specific resistance
(ASR) as 0.57 X cm2 at 800 °C under open-circuit voltage (OCV). Contrarily, the
nanocomposite particles synthesized at pH 13 provided fine as well as homoge-
neous porous microstructure with the grain size in the range 200–400 nm and the
lower ASR as 0.36 X cm2 at 800 °C under OCV.

Fig. 21.5 a Synthetic flowchart and scanning electron microscopy (SEM) images of the NiO/YSZ
composite particles synthesized at b pH 10, c pH 11, and d pH 13. Modified from Ref. [19],
Copyright 2009 with permission from Elsevier
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The nanocomposite particles with sodium contamination may reduce the
long-term stability of the anode [22]. Tetramethylammonium hydroxide (TMAH,
(CH3)4NOH) is another choice to keep the high pH in the reverse titration method.

21.4 Coprecipitation in YSZ Nanocrystal Sol

Recently, reliable and reproducible methods have been developed for preparing
large quantities of inorganic nanocrystals. Aqueous sols containing the inorganic
nanocrystals have been also available. Here, a unique coprecipitation method using
an aqueous sol of YSZ nanocrystal is shown for the synthesis of NiO–YSZ
nanocomposite particles [23].

The aqueous sol used in our experiment was the colloid containing YSZ
nanocrystals (Sumitomo Osaka Cement Co. Ltd., Japan). The sol has a highly
transparent appearance due to superior dispersion (almost no agglomeration) as
shown in the left of Fig. 21.6a. The dynamic light scattering revealed that the
nanocrystals had a narrow size distribution with an average diameter of 3 nm
(Fig. 21.6b), showing good agreement with that observed in transmission electron
microscopy (TEM) image.

The specific feature of the YSZ sol is its well-dispersed ability even in the highly
concentrated metal salts (nitrate and chloride) solution. In the present case, a Ni
(NO3)2�6H2O was dissolved to be the total concentration of YSZ and Ni
(NO3)2�6H2O is 0.2 M. After the dissolving, the sol maintained transparency,
indicating that the YSZ nanoparticles preserved their well-dispersed state as shown
in the right of Fig. 21.6a. Although the origin of YSZ nanocrystal dispersion in a
relatively high salt has not been clarified yet, it would be probably hydration force
(non-DLVO force [24]).

The YSZ–Ni2+ mixed solution was dropped into NH4HCO3 solution at room
temperature. During the coprecipitation, NH3 solution (Wako Chemicals, Japan)
was added simultaneously into NH4HCO3 solution to keep the pH at 8. The cor-
responding Ni compound (approximately Ni(CO3)2/3(OH)2/3�nH2O), was deposited
on YSZ nanocrystals and coprecipitated. The crystalline YSZ nanoparticles (in the
circles) were uniformly distributed entire the noncrystalline Ni compound phase
(Fig. 21.6c) in the precipitates. Organic bases such as tetramethylammonium
hydrogen carbonate solution (TMAC, (CH3)4NHCO3) and TMAH is available as
the alkaline solutions. Since Ni ion does not form any soluble complexes with them,
more precise control of NiO–YSZ mixing ratio can be possible.

Both YSZ and NiO phases were identified in the X-ray diffraction profile for the
sample calcined at 600 °C. Their average crystalline sizes, estimated by Scherrer’s
formula, were about 6 and 4 nm, respectively. Also, the HRTEM image evidenced
the successful fabrication of the NiO/YSZ nanocomposite particles with the size of
about 5 nm (Fig. 21.6d).

Then the anode layer was fabricated on the sintered YSZ disk from the NiO/YSZ
nanocomposite particles, through screen printing followed by sintering at 1300 °C
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Fig. 21.6 a Appearance of aqueous sol of YSZ nanocrystals, b its size distribution (inset TEM
image of the YSZ nanocrystals), c HRTEM image and XRD pattern of the coprecipitated sample,
d HRTEM image XRD pattern of the NiO/YSZ nanocomposite particles calcined at 600 °C,
e cross-sectional SEM image of the Ni/YSZ anode, f electrochemical impedance spectra of the Ni/
YSZ anode measured at 700 and 800 °C under OCV. Modified with permission from Ref. [23],
Copyright 2010 Wiley
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for 2 h. Finally, the Ni–YSZ cermet anode was obtained as mentioned above. The
microstructural examination reveals that the anode consisted of fine grains with the
size of 200–300 nm (Fig. 21.6e). The grain size is one order of magnitude smaller
than that of conventional anodes. Fine and well percolating solid and pore phases
can be attributed to the homogeneous arrangement of NiO and YSZ phases in the
nanocomposite particles. ASR of the anode was 0.43 and 0.15 Ω cm2 at 700 and
800 °C, respectively (Fig. 21.6f). These values were significantly lower than those
reported in the literatures on Ni/YSZ anodes [23]. It is clearly attributable to the fine
composite microstructure, leading to extended adsorption sites and reduced diffu-
sion length of hydrogen, in addition to the significantly enlarged TPB. The for-
mation of the fine grains surely resulted from prevention of abnormal grain growth
due to the homogeneously distributed two particle phases.

To estimate TBP length, the three-dimensional microstructure of an SOFC anode
has been characterized using a focused ion beam–scanning electron microscope
(FIB-SEM). The Ni–YSZ anode was fabricated from NiO–YSZ composite layer
sintered at 1350 °C followed by reduction. The volume ratio was Ni:YSZ = 50:50.
The microstructure of the anode is virtually reconstructed in a computational field
using a series of acquired two dimensional SEM images (Fig. 21.7a, b). The TPB
density is estimated to be *8 lm/lm3 (Fig. 21.7c), which is longer than that
obtained by a mechanical mixing method [25].

The LSM/YSZ nanocomposite powder was also synthesized with the similar
manner [26]. Then, the fine-structured LSM/YSZ porous film has been fabricated
for a cathode electrode, and it was demonstrated that the ASR was significantly
reduced due to the enlarged TPB formed in the fine composite microstructure [27].
The anode-supported cell of Ni–YSZ/YSZ/LSM–YSZ was fabricated using the
LSM–YSZ nanocomposite particles. The cells exhibited the high power density of
0.20, 0.40, 0.69, and 0.85 W/cm2 at 650, 700, 750, and 800 °C, respectively, under
the cell voltage of 0.7 V [27]. This high performance indicates that the
anode-supported cell with the nanostructured cathode has potential to be operated at
the intermediate temperature range with an acceptable power density.

Fig. 21.7 a FIB-SEM image of Ni–YSZ anode from the reduction of NiO–YSZ sintered at
1350 °C, b 3D Ni–YSZ anode reconstruction, Ni(green) and YSZ(yellow), c 3D map of
three-phase boundaries in the anode
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21.5 Coprecipitation with Anionic Zr(IV) Complex
Solution

Zr4+ forms soluble anionic complexes with hydroxide and carbonate ions in
aqueous solution [28]. Karlysheva et al. predicted the generation of [Zr
(OH)2(CO3)2]

2− in a mixed solution of ZrOCl2 and Na2CO3 at pH > 7 [29].
Malinko et al. demonstrated the presence of [Zr(OH)2(CO3)2]

2−, [Zr(OH)(CO3)3]
3−,

and [Zr(CO3)4]
4−, depending on the concentration of carbonate in a mixed solution

of Na2CO3 and Zr(SO4)
2 [30]. Veyland et al. revealed a variation in the number of

carbonate ions coordinating to zirconium depending on the chemical composition
of a mixed solution of K2CO3–KHCO3–ZrOCl2 [31]. The authors have simply
prepared a transparent solution of anionic Zr complex, [Zr(OH)2(CO3)2]

2−, by
mixing ZrOCl2 and TMAC ((CH3)4NHCO3) solutions (Fig. 21.8). The anionic Zr
complex is stable in pH 7–10 at temperatures below about 80 °C.

It has been reported that the soluble anionic Zr complex can be used as the
precursor for the synthesis of Zr-based materials. Afanasiev has synthesized the
mesoporous ZrO2 though reaction with cetyltrimethylammonium bromide (CTAB)
[32]. The authors have synthesized monoclinic ZrO2 [33] and YSZ nanocrystals

Fig. 21.8 pH titration curve for 1 mM solution of ZrOCl2 under TMAC ((CH3)4NHCO3))
addition
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[34] under hydrothermal condition with tetramethylammonium ion as capping
agent. Also, an interesting coprecipitation phenomenon has been found in the
soluble anionic Zr complex. Recently, highly dispersive nanocomposite particles
have been synthesized based on this interesting coprecipitation [35].

Here, the synthesis of NiO–YSZ nanocomposite particles using anionic Zr
complex is briefly shown. The soluble anionic Zr complex was prepared by mixing
ZrOCl2 and NH4HCO3 solutions. When Ni nitrate solution was dropped in the
soluble anionic Zr complex solution, a mint-green precipitate was obtained
(Fig. 21.9a). Concentrations of Ni and Zr ions in the supernatant solution were
measured to be less than 5% of initial concentrations, indicating that the precipitates
contained both Ni and Zr. Supplementary experiments suggested that aqua ligands
in [Ni(H2O)6]

2+ complex play an important role on the reaction with anionic Zr
complex. Similarly, a precipitation was observed when Y(NO3)3 aqueous solution
is dropped, too. Therefore, when the solution of Ni and Y nitrates was dropped, the
compound containing Ni, Y and Zr was easily coprecipitated. The thermal
decomposition of the precipitates accompanying with the evolution of H2O and
CO2 was almost completed until 450 °C, and no significant weight loss was
observed during further increase of temperature. The XRD and TEM revealed that
the products calcined at 600 °C consisted of nanosized NiO and YSZ grains
(Fig. 21.9b, c), which were surely highly homogeneous.

21.6 Conclusion

Advanced coprecipitation routes have been developed to synthesize nanocomposite
particles suitable for application in SOFC electrodes. The reverse sequence
coprecipitation with the strong alkaline solution is a promising approach to obtain
the hydroxides including Zr(OH)4, Y(OH)3, and Ni(OH)2 with homogeneous phase

Fig. 21.9 a precipitation phenomenon by dropping of Ni(NO3)2 solution into the Zr complex
solution (ZrOCl2/NH4HCO3), b XRD patterns for the precipitate calcined at 600 °C, c TEM image
of the sample (b)
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distributions, compared to conventional normal sequence. In addition, the copre-
cipitation with YSZ nanocrystal can produce the homogeneous precipitate for the
synthesis of NiO–YSZ and LSM–YSZ nanocomposite particles. Furthermore, it is
demonstrated that coprecipitation through reaction of Ni2+ and aqueous anionic Zr
(IV) complex is another way for homogeneous NiO–YSZ nanocomposites. It is
expected that there are opportunities of these facile synthetic routes for not only
SOFC electrodes but also advanced composite materials.
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Chapter 22
Hybrid Membrane-Type Fuel Cells
for Intermediate Temperatures

Toshinobu Yogo

Abstract This chapter describes the syntheses and characterization of
proton-conductive hybrid membranes for the use at intermediate temperatures from
100 to 150 °C. The inorganic–organic hybrid membranes were synthesized from an
unsaturated organoalkoxysilane and a vinylphosphonic acid derivative via
copolymerization and acidic hydrolysis. The hybrid membranes were characterized
by infrared spectroscopy, thermogravimetry, and indentation test. The proton
conductivity was measured for various compositions of the membranes. The cur-
rent–voltage curves for the membrane electrode assembly consisting of the hybrid
membrane were evaluated.

Keywords PEFC � Inorganic–organic hybrid � Sol–gel process �
Copolymerization � Conductivity � Fuel cells

22.1 Introduction

Polymer electrolyte fuel cells (PEFCs) are characterized by their high
energy-conversion efficiency and clean exhaust gas [1, 2]. Perfluorosulfonic poly-
mers are the representatives of PEFCs, and have high proton conductivity, high
mechanical strength, and good chemical stability. However, these membranes
exhibit the maximum performance at around 80 °C and 100% relative humidity
(RH). Perfluorosulfonic polymers require a complicated water management system
in order to maintain high relative humidity and pure hydrogen gas with low
inclusion of CO less than 20 ppm to avoid the poisoning of Pt anode catalysts [3].
When the operation temperature of PEFCs is raised to higher temperatures around
130 °C, the greatest advantages, such as a decrease in catalyst poisoning, higher
efficiency, and a simple management system, are achieved [4, 5]. Therefore,
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proton-conducting materials with high conductivity at intermediate temperatures
from 100 to 150 °C are required.

Inorganic–organic hybrid materials are nanocomposites between organics and
inorganics. Organic materials have merits of flexibility and chemical functionality,
whereas inorganic materials have advantages of high mechanical strength, chemi-
cal, and thermal stability. Thus, the demerits of organic materials, such as low
thermal and mechanical stability, can be improved by the incorporation of inorganic
materials. As silica and/or organosiloxane form a network structure, silica-based
inorganic–organic hybrids are appropriate materials for the proton-conductive
membranes at intermediate temperatures [6–19]. Only mixing and doping of proton
carriers in silica and/or organosiloxane matrix is not desirable for the synthesis of
proton-conductive membranes. As the proton carriers, such as sulfonic acid,
phosphonic acid, are quite soluble in water, which is generated during fuel cell
reaction, the proton carriers are leached out from the membrane during use [20].
The leach-out of the carriers results in the decrease in conductivity and degradation
of cell performance. Therefore, the proton carriers should be bound to the matrix
polymer via covalent bonds.

22.2 Proton Conduction in the PEFC Membranes

Figure 22.1 shows the schematic principle of the H2–O2 fuel cell. The fuel cell
consists of membrane sandwiched with two electrodes, anode and cathode. The
membrane should have a very high proton conductivity but is not permeable to gas.

Fig. 22.1 Basic principle of
H2–O2 fuel cell
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At the anode, hydrogen is reduced electrochemically to protons according to
Eq. (22.1).

H2 ! 2Hþ þ 2e� ð22:1Þ

The generated protons enter the membrane and move to the cathode, whereas the
generated electrons collected by the metallic electrode. At the cathode, the protons
are electrochemically reacted with oxygen, producing water (Eq. (22.2)).

1
2
Oþ 2Hþ þ 2e� ! H2O ð22:2Þ

Thus, the overall reaction is the formation of water from 1 mol of hydrogen and
a half mole of oxygen (Eq. (22.3)).

H2 þ 1
2
O2 ! H2O ð22:3Þ

The electromotive force or reversible potential E° at the standard state generated
by Eq. (22.3) is represented by the following equation:

E� ¼ �DG�=nF ð22:4Þ

where DG° is the standard free energy change, n is the number of moles of electrons
involved, and F is Faraday’s constant. The value of DG accompanied by Eq. (22.3)
is −229 kJ/mole, n = 2, F = 96,500 C/g mole electron, and therefore the value of
E is 1.23 V.

Although fuel cells consist of various parts, such as membrane, electrodes,
catalyst, H2, and O2 gas supplies, the membrane is a key material for the successful
operation of cells at intermediate temperatures. The membranes are required to have
high proton conductivity, unpermeability to hydrogen and oxygen, non-electronic
conductivity, high chemical and electrochemical stability, high mechanical strength,
and high thermal stability.

22.3 Synthesis of Siloxane-Based Hybrid Materials

The present hybrid material is composed of an organic main chain and inorganic
Si–O linkage. The organic chain is formed via radical polymerization of the
unsaturated double bond, while the Si–O linkage is constructed via sol–gel con-
densation of silicon alkoxide.

The hydrolysis of silicon alkoxide is a typical sol–gel reaction, and proceeds
under both acidic and basic conditions [21]. Base-catalyzed reactions occur by
nucleophilic substitution. Not only the electron density around the central silicon
atom, but also the steric effects derived from the size of substituent groups influence
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the easiness of the nucleophilic attack by HO−. As the reaction rate decreases with an
increase in bulk and basic alkoxy groups around the central silicon atom, the basic
hydrolysis undergoes through SN2 mechanism with inversion of the silicon tetra-
hedron as shown in Fig. 22.2a. On the other hand, under acidic conditions, an alkoxy
group is protonated, withdrawing electron density from silicon (Fig. 22.2b). Thus,
the central silicon is more susceptible to electrophilic attack by H2O. The backside
attack of water to the central silicon inverts the silicon tetrahedron. Hence, the less
sterically crowding substituent around silicon enhances the acidic hydrolysis rate.

The hydrolysis of the Si–OR bond results in the formation of unstable silanols
(Si–OH) that condensate yielding the Si–O–Si linkage. On the other hand, Si–C
bond is stable to hydrolysis, and intact during sol–gel reaction. These reactions are
shown in the following Eqs. (22.5) and (22.6). As the Si–C bond is stable during
sol–gel condensation, T linkage is formed from RSi(OR′)3.

RSi OR0ð Þ3 þ 3H2O ! RSi OHð Þ3 þ 3R0OH ð22:5Þ

nRSi ðOH)3 ! RSiðO�Þ3 ð22:6Þ

In Tn notation, T corresponds to a silicon atom bonded to three oxygen atoms
forming tetrahedron. The superscript n indicates the number of other T unit attached
to the RSiO3 tetrahedron as shown in Fig. 22.3.

The organic–inorganic hybrid for fuel cells consist of the building blocks of
inorganic Si–O–Si linkage covalently bonded to the organic polymer chain.

Fig. 22.2 Hydrolysis of silicon alkoxide, a hydrolysis under basic conditions, b hydrolysis under
acidic conditions
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Generally, inorganic–organic hybrid is classified into two groups according to the
character of the chemical bonds between organic and inorganic phase [22].
Figure 22.4 shows the schematic structures of Class I type and Class II type
hybrids. The tetrahedron and the flat hexagon correspond to an inorganic and an
organic unit, respectively. The Class I type hybrids consist of organic and inorganic
phases, which are linked together through weak bonds, such as van der Waals force,
hydrogen bonding, and weak electrostatic interactions. On the other hand, in Class
II-type hybrids, an inorganic component is bound with an organic component
through strong covalent chemical bonds. Therefore, Class II-type hybrids are much
more appropriate for the membranes, in which proton carriers are fixed firmly to the
stable inorganic–organic hybrid matrices via chemical bonds, leading to the pre-
vention of the leach-out problem.

Fig. 22.3 T3 notation of RSiO3 tetrahedra

Fig. 22.4 Schematic structures of the hybrid material, a Class I-type hybrid, b Class II-type
hybrid
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22.4 Synthesis of Inorganic–Organic Hybrid Membrane

Figure 22.5 shows the starting materials and the reaction scheme for the synthesis
of hybrid membrane. 4-fluorophenylvinylphosphonic acid (FC6H4PVA) consists of
a vinyl group for radical polymerization and a phosphonic acid as a proton carrier.
(Trimethoxysilylmethyl)styrene (TMSMS) includes a vinyl group for polymeriza-
tion and trimethoxysilyl groups for hydrolysis and condensation. TMSMS was
copolymerized with FC6H4PVA in dimethylformamide (DMF) with various
monomer ratios in the presence of AIBN initiator. The samples were named as
x/y = TMSMS/FC6H4VPA, more specifically, Si/P, according to their molar ratios.
After the sealed glass capsule was heated at 85 °C for 8 h, a viscous solid
copolymer was separated by centrifuging. The TMSMS–FC6H4VPA copolymer
was dissolved in anhydrous DMF again immediately after separation. Then, 1.0 N
hydrochloric acid solution was added dropwise to the copolymer solution to
hydrolyze silicon alkoxide. The solution was stirred at room temperature for 24 h,
yielding a sol, and the sol obtained was casted onto a Teflon plate. The casted film
was heated in a dry oven at a stepwise heat treatment from 100 to 140 °C. The
synthesized hybrid is classified to Class II hybrid, because the organic polymer
chain is covalently bound to the Si–O linkages. The representative photographs of
the hybrid membrane are shown in Fig. 22.6. The membranes are transparent and
flexible. The optical transparency indicates that the membrane includes no

Fig. 22.5 Reaction procedure for the synthesis of hybrid membrane
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micron-sized region as the origin of light scattering. The flexibility is required for
the construction of membrane electrode assembly (MEA) for fuel cell measurement.

TMSMS, FC6H4VPA, and the hybrid membrane with Si/P ratios of 1/2, 1/4, and
1/6 were analyzed by IR spectroscopy. TMSMS exhibited a C=C stretching band at
1630 cm−1, aromatic bands at 1590, and 1490 cm−1, and a Si–OCH3 band at
827 cm−1 [23]. The P–OH bands were observed for FC6H4VPA as broad absorp-
tion bands from 2300 to 2800 cm−1. Moreover, FC6H4VPA showed the absorption
bands at 1583 and 1490 cm−1 attributed to the aromatic ring, the C=C and C–F
stretching absorptions at 1620 and 1200 cm−1, respectively. After copolymerization
between TMSMS and FC6H4VPA followed by hydrolysis, the C=C absorption
disappeared. In addition, the Si–OCH3 band of TMSMS at 827 cm−1 disappeared in
the spectra of all of the hybrid membranes, and a new absorption band for the Si–
O–Si bond appeared at 1110 cm−1. From these results, the hybrid was synthesized
via the copolymerization of C=C bonds and the hydrolysis condensation of Si–
OCH3 groups.

Figure 22.7 shows the 29Si CP-MAS NMR spectra of the hybrid membranes
with Si/P ratios of 1/2, 1/4, and 1/6. Two signals were observed at −60 and
−71 ppm in the T region which are assigned to T2 and T3, respectively [24].
Three-dimensional Si–O–Si cross-linkage is formed in the hybrid membranes
through the hydrolysis and condensation of the Si–OCH3 groups. Moreover, when
the Si/P ratio decreases from 1/2 to 1/6, the intensity of the T2 signal decreases.
These results indicate that three-dimensional cross-links form more easily in the
membranes with high P contents. Hence, the Si–OCH3 groups of TMSMS undergo
more rapid and complete hydrolysis, leading to the exclusive formation of T3

cross-linkages, when the FC6H4VPA content is high. As phosphonic acid promotes
the effective acidic condensation of the Si–OCH3 bonds, the formation of T3

linkages is more favorable than that of T2 linkages.
The thermogravimetric curves were measured for the TMSMS/FC6H4VPA

hybrid membranes with Si/P ratios of 1/2, 1/4, and 1/6 under an O2 flow from room
temperature to 800 °C. The gradual weight losses below 8 wt% were observed for
all the membranes up to 180 °C. The weight loss was ascribed to the desorption of
physically absorbed water. No other weight change was observed for the

Fig. 22.6 Photographs of the hybrid membranes (Si/P = 1/6)
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membranes up to 180 °C. Therefore, the hybrid membranes were found to be
thermally stable up to 180 °C, which is the higher temperature than the targeted
temperature from 100 to 150 °C.

The oxidative stability of the TMSMS/FC6H4VPA membranes was examined
using Fenton’s reagent [8]. After treatment in Fenton’s reagent at 80 °C for 24 h,
the membranes with Si/P ratios of 1/4 and 1/6 maintained their outer shapes with no
visible cracks. Usually, all organic polymer membranes dissolved in Fenton’s
reagent under the same conditions [25, 26]. Therefore, the chemical stability of the
hybrid membranes is confirmed for fuel cell applications.

The mechanical properties of the TMSMS/FC6H4VPA membranes were mea-
sured using a Knoop indentation test. The Knoop microhardness (lHK) were 0.18,
0.12, and 0.088 GPa for the TMSMS/FC6H4VPA membranes of 1/2, 1/4, and 1/6,
respectively. The lHK value decreases with increasing FC6H4VPA amount from 1/
2 to 1/6. This result indicates that the Si–O linkage contributes to the hardness of
hybrid membranes. The elastic modulus (E) were 1.9, 1.8, and 1.9 GPa for the
TMSMS/FC6H4VPA membranes of 1/2, 1/4, and 1/6, respectively. The lHK and E
values for the membranes with TMSMS/FC6H4VPA = 1/2 and 1/4 were compa-
rable to those for the polycarbonate (lHK (micro-Vickers hardness): 0.14 GPa; E:
2.3 GPa) [27]. The TMSMS/FC6H4VPA membrane with a Si/P ratio of 1/6 had a
lHK value of 0.088 GPa and an E value of 1.9 GPa due to the high organic
polymer content and large number of T3 Si–O–Si linkages. The organic polymer
chain does not contribute to the hardness, but to the E value. The Si NMR spectra
(Fig. 22.7) revealed that the TMSMS/FC6H4VPA = 1/6 membrane includes the

Fig. 22.7 29Si NMR spectra
of hybrid membranes with the
ratios of Si/P = a 1/2, b 1/4,
c 1/6. Reprinted from Ref.
[18]. Copyright 2015, with
permission from Elsevier
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highest amount of T3 linkage, indicating that T3-type linkages were more favorable
than T2-type linkages for strengthening the hybrids. The TMSMS/FC6H4VPA = 1/
6 membrane consisting of only T3 Si–O–Si linkages has the optimum flexibility,
which is useful for the construction of MEAs, as shown Fig. 22.10.

22.5 Proton Conductivity and Fuel Cell Properties
of the Membrane

Figure 22.8 shows the temperature dependence of the proton conductivity for the
hybrid membranes synthesized with TMSMS/FC6H4VPA ratios of 1/2, 1/4, and 1/6
at various RH. The open and solid symbols represent the conductivities of the
membranes at 100% RH and low humidities from 19.3% to 27.0% RH, respec-
tively. The conductivity at each humidity level increased with increasing temper-
ature up to 130 °C. In addition, the conductivity depends on the Si/P ratio, and the
highest conductivity was observed for the membranes with the Si/P ratio of 1/6 at
all humidities. The maximum conductivity of 6.4 � 10−2 S cm−1 was observed for
the membrane with Si/P = 1/6 ratio at 130 °C and 100% RH. This result indicates
that the conductivity increased with increasing phosphonic acid, which acts as the
proton carrier. At a low humidity of *20% RH, the conductivity of the present
membrane at 80 °C (5.0 � 10−5 S cm−1) is much higher than that of an
alkoxyphenylsilane-phosphonic acid system (*1 � 10−6 S cm−1) [28].

Fig. 22.8 Temperature
dependences of the proton
conductivities of hybrid
membranes of TMSMS/
FC6H4VPA with the ratios of
1/2, 1/4, and 1/6, a 1/6 at
100% RH, b 1/4 at 100% RH,
c 1/2 at 100% RH, d 1/6 from
27.0 to 19.2% RH, e 1/4 from
27.0 to 19.2% RH, f 1/2 from
24.0 to 19.2% RH. Reprinted
from Ref. [18]. Copyright
2015, with permission from
Elsevier
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As the proton conductivity increase with temperature, the conduction is ther-
mally stimulated process. Therefore, the activation energies (Ea) for the proton
conductivities at each humidity were calculated using the Arrhenius Eq. (22.7)

ln r ¼ ln A� Ea=kT ð22:7Þ

where A is the pre-exponential term, Ea is activation energy, and k is the Boltzmann
constant. At 100% RH, the Ea values for the hybrid membranes with Si/P ratios of
1/2, 1/4, and 1/6 were determined to be 28, 15, and 11 kJ/mol, respectively. The Ea
values for the membranes with Si/P ratios of 1/4 and 1/6 Si/P ratios were nearly the
same as that of Nafion (9–13 kJ/mol) [29] Furthermore, at low RH, the Ea values
for the membranes with Si/P ratio of 1/2, 1/4, and 1/6 were calculated to be 81, 75,
and 57 kJ/mol, respectively. Nafion has high conductivity via both the Grotthuss
and vehicle mechanisms at 100% RH. At 100% RH, proton transfer in the present
hybrid membrane occurs via water-cooperative conduction mechanism through the
hydrophilic nanochannels. At low humidities, however, the proton transfer
decreases due to the depletion of water in the nanochannels. The decrease in the
water content necessary for water-assisted proton conduction is considered to
increase the energy barrier for proton transfer.

Figure 22.9 shows the hybrid membrane with Si/P = 1/6 composition attached
with black catalyst layers, a carbon separator, and an assembled MEA. The catalyst
layer was prepared on the membrane by decal transfer method. A catalyst ink was
prepared from 5% Nafion solution, Pt/C powder, and methanol. After ultrasoni-
cation, a catalyst ink was uniformly casted on a Teflon film. The catalyst layer on
the Teflon film was cut into a desired size, and then hot pressed on the hybrid
membrane, yielding the laminated composite film consisting of the membrane, the
catalyst layer, and the Teflon film. After hot press, the Teflon film was peeled off

Fig. 22.9 Photographs of hybrid membrane with catalyst layers, carbon separator, and assembled
MEA, a hybrid membrane (Si/P = 1/6) with catalyst layers, b carbon separator, c assembled MEA
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from the membrane–catalyst layer composite, resulting in the preparation of a
membrane with catalyst layers as shown in Fig. 22.9a. The carbon separator has a
serpentine flow channel for hydrated gases, such as oxygen and hydrogen
(Fig. 22.9b). Hydrogen or oxygen gas is supplied to the flow channel through the
tubing shown in Fig. 22.9c. The MEA was constructed from the membrane with
catalyst layers sandwiched with a pair of carbon separators as shown in Fig. 22.9c.
The brass plates are used as heat transfer elements from a flexible heater (not shown
in Fig. 22.9c).

Figure 22.10 shows the power densities for an MEA fabricated using the hybrid
membrane with Si/P = 1/6 at 30% RH. The peak power density was 3.0 mW/cm2 at
140 °C with an open-circuit voltages (OCVs) of 0.85 V. The initial lower OCV
may be due to gas cross-over or an internal micro short-circuit as the result of a
reduction of the mechanical strength of the membrane at 140 °C. Although many
examples of I–V properties at 100% RH below 100 °C have been reported for
various membranes, not many papers deal with the cell properties at temperatures
above 120 °C and low RH. The reported power densities for siloxane-based
membranes are as follows: a silylmethylstyrene derivative–phosphoryl acrylate
system, *3 mW/cm2 at 120 °C and 51% RH [11], and silylmethylmethoxystyrene
derivative–methacryl phosphonic acid membrane, 4.8 mW/cm2 at 140 °C and 30%
RH [19]. The cell fabricated from the prepared hybrid membrane showed an I–V
performance at an intermediate temperature and low humidity, although further
investigation is required to improve the cell properties.

22.6 Conclusions

Proton-conductive inorganic–organic hybrid membranes of Class II type were
synthesized from a mixture of TMSMS and FC6H4VPA. The formation of the
inorganic–organic membranes consisting of Si–O networks and aliphatic polymer
chains bound with phosphonic acid groups was confirmed based on IR and 29Si

Fig. 22.10 I–V properties of
the hybrid membrane of
TMSMS/FC6H4VPA (Si/
P = 1/6) measured at 140 °C
and 30% RH. Reprinted from
Ref. [18]. Copyright 2015,
with permission from Elsevier
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NMR. These membranes were self-standing, homogeneous, and exhibited high
formability, and high thermal stability up to 180 °C. F substitution in the aromatic
ring of phenylphosphonic acid was effective for the increase of the T3 unit of the
silica linkages, resulting in the increased Young’s modulus of the membranes. The
proton conductivities of the hybrid membranes were dependent on the phosphonic
acid content, and increased with temperature up to 130 °C. MEAs were fabricated
using the membranes with improved strengths. The peak power density for the
MEA prepared from the TMSMS/FC6H4VPA membrane with a Si/P ratio of 1/6
was 3.0 mW/cm2 at 140 °C and 30% RH. Chemical design of the monomers was
found to be useful for the synthesis of hybrid membranes that work over a broad
range of operating conditions from low to 100% RH at intermediate temperatures.
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Chapter 23
Synthesis of Nanomaterials Using
Solution Plasma Process

Nagahiro Saito, Tomonaga Ueno, Maria Antoaneta Bratescu
and Junko Hieda

Abstract This chapter introduces the synthesis of nanomaterials by solution
plasma process (SPP). The SPP was used as a simple method for metal nanopar-
ticles (NPs) synthesis, bimetallic NPs, and NPs incorporated in mesoporous silica.
The SPP, which is a non-equilibrium plasma, can provide an extremely rapid
reduction of a metal ion to the neutral form without using a reducing agent.
Preferential oxidation (PROX) of CO is an important practical process to purify H2

for use in polymer electrolyte fuel cells. Pt NPs in mesoporous silica synthesized by
the SPP give a high conversion rate at a lower temperature. Recently, we focused
on developing the SPP for producing carbon materials containing heteroatom as
oxygen reduction reaction (ORR) catalyst. The SPP method can produce low-cost
carbon materials, in one-step process, with controllable structure.

Keywords Solution plasma � Plasma in liquid �Metal nanoparticles �Mesoporous
silica � Carbon

23.1 Introduction

In this chapter, we present the application of solution plasma process (SPP) in the
synthesis of nanomaterials. The SPP is a discharge in a liquid environment at
atmospheric pressure and usually at room temperature. Plasma in water has been
known since 1899 when different pairs of metal electrodes were used to generate
the discharge, and the optical emission spectra were collected to explain various
features of spectral lines observed in astronomy [1, 2]. In our group, the SPP was
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used as a simple method for metal nanoparticles (NPs) synthesis, since this
non-equilibrium plasma can provide an extremely rapid reduction of a metal ion to
the neutral form without using a reducing agent. The SPP offers the possibility to
control the NPs size by controlling the surrounding chemistry of the solution and
operates in normal temperature and pressure conditions [3–5].

We have also demonstrated another merit of the SPP method for the fabrication
of bimetallic NPs using a combination of the reduction reaction of the metal (M) ion
to the neutral state, while simultaneously eroding the electrodes during the dis-
charge, which generates the second metal in the structure of the bimetallic NPs.
This combination of processes makes SPP a more useful method since no reducing
agent or gold precursor is required in the reaction mixture, thus offering an eco-
logically friendly procedure for nanostructure synthesis. The electron transfer effect
between the gold bimetallic nanoparticles and graphene was studied as a possible
application in a solar cell [6].

The plasma discharge in aqueous solution was applied to template removal in
mesoporous silica synthesis. Highly dispersed spherical mesoporous silica particles
were synthesized by the ternary surfactant system containing the Pluronic P123
copolymer (EO20PO69EO20), sodium dodecylbenzene sulfonate, and 1,1,2,2,3,
3,4,4,4-nonafluoro-1-butane sulfonate, via the sol–gel method in acid solutions.
The SPP was used to remove the template during mesoporous silica fabrication
instead of conventional thermal calculations [7].

Recently, our group has focused on developing the SPP for producing different
catalysts to be used in fuel cell and batteries. Until now, although platinum
(Pt) based catalysts have demonstrated the best performance as catalysts, some
limiting factors remain such as the bottleneck of the oxygen reduction reaction
(ORR) at the cathode of the fuel cell, the scarcity, and the high cost of Pt. Recently,
in the field of energy storage and battery, new materials containing heteroatom (as
nitrogen and boron) doped carbon are intensively researched to replace and reduce
the noble metals [8]. The SPP method can produce low-cost carbon materials, in
one-step process, with controllable structure [9].

23.2 One-Step Synthesis of Gold Bimetallic Nanoparticles
with Various Metal Compositions

The gold bimetallic nanoparticles with different compositions (Fig. 23.1) were
synthesized in the SPP as schematically is shown in Fig. 23.2. First, gold is pro-
duced in plasma by electrode erosion. There are various processes by which the
metal electrodes can erode or wear away. First, there is the obvious process of a
chemical reaction, such as oxidation or corrosion. This process in SPP has a small
contribution to the production of gold in the solution because gold is hard to oxidize
and the solution pH value does not fall below 3 for most of the metal salts used in
the experiment. Another process is the disintegration of the electrode structure
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under atomic or ionic bombardment. This process, which is, in fact, the cathode
sputtering, leads to the highest amount of gold released into the solution. Moreover,
thirdly, electrode erosion occurs by the action of an electrical discharge. It is well
known that at local regions on an electrode surface during discharge, hot spots at
very high temperature can be produced, from where the metal of the electrode can
be released into the solution [10, 11].

The anode undergoes bombardment by electrons, which are not so efficient to
produce a high rate sputtering, while the cathode suffers bombardment by positive

Fig. 23.1 Schematics of metals which were alloyed with gold in the nanostructures. Reprinted
from Ref. [14], Copyright 2013, with permission from Elsevier

Fig. 23.2 The synthesis method of gold bimetallic NPs in the SPP. Mechanism of formation of
the bimetallic structure is explained by the reduction of metal M simultaneously with the erosion of
electrode. Reprinted from Ref. [14], Copyright 2013, with permission from Elsevier
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ions, leading to a higher sputtering and evaporation rate than that at the anode
surface.

Another process which occurs in SPP, at the anode surface is the anodic dis-
solution, which happens when the electrode surface is covered with a solution, and
the current flows between the electrodes. Due to the instabilities of the solution
plasma system, it happens that the electrode surfaces are shortly covered with
solution. In this case, the electrode metal is released from the anode as ions, which
are rapidly neutralized by electrons from the plasma gas phase. Anodic dissolution
can also produce free gold atoms which can nucleate and generate clusters or gold
NPs [12, 13]. The sputtered gold from the cathode, or eroded from both electrodes,
is present in solution plasma as free atoms, which agglomerate as clusters or NPs, or
directly as NPs.

At the same time, in the SPP, the hydrogen radicals (H·), which are formed from
water dissociation, move into the solution phase from the plasma gas phase and
produce the reduction reaction of the metal ion (Mx+) to the neutral form (M0): M
(NO3)x + xH·! xHNO3 + M0, where M(NO3)x represents the metal nitrate, and x is
the valence [5, 14].

The morphology, composition, and crystal structure were characterized by
transmission electron microscope (TEM), energy dispersion spectroscopy (EDS),
and X-ray diffraction (XRD) measurements. Figure 23.3 represents some charac-
teristics of the bimetallic NPs.

For the interaction of free radicals with gold NPs, it was found that the electron
spin resonance (ESR) signal decreases after the adsorption of nitroxyl free radicals

Fig. 23.3 TEM and EDS characterization of the bimetallic AuM NPs, where the metal M is Pd,
Ag, Zn, Cd, Ga, In, Fe, Co, Ni, and Cu. Reprinted from Ref. [14], Copyright 2013, with
permission from Elsevier
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on the surface of gold NPs [15]. Nitroxyl free radicals, like TEMPOL and its
derivative, are used in ESR as spin labels, spin traps, and antioxidant in biological
applications. The interaction was stronger for 2.5 nm diameter gold NPs than for
15 nm diameter particles. It was suggested that the interaction of gold NPs with free
radicals might be due by the exchange interaction of unpaired electrons of the free
radical with the conduction band electrons of the gold NPs. We studied the inter-
action of gold bimetallic NPs with TEMPOL free radicals in 1 mM solution in
benzene (Fig. 23.4). The strongest interaction between the gold bimetallic NPs with
the unpaired electrons of the TEMPOL molecule was measured in the case of
bimetallic NPs composed of Au and a 3d metal. We observed that the composition
of the Au-Co and Au-Fe bimetallic NPs does not influence the relative decrease in
the number of spins, and that, in the case of the Au-Ni and Au-Cu NPs, the highest
decrease of the ESR signal corresponds to those NPs synthesized from a starting
solution with 1 mM initial concentration. A weak interaction was found in the case
of the divalent sp metals and 4d metals, especially in the case of the Au-Pd NPs,
where RS was the smallest. In the case of trivalent sp metals, we could not obtain
results due to the small quantity of powder NPs (the Au-Ga and Au-In NPs are
highly water-soluble nanoparticles). The results suggest that the decreasing of the
ESR signal of TEMPOL due to the interaction with the gold bimetallic NPs might
be because of the electron exchange between the free radical and the conduction
band of the bimetallic NPs. Except for Au-Pd NPs, all the other gold bimetallic NPs
show an SPR absorption band; that is the excitation by the visible light of the free
electrons within the conduction band.

23.3 Synthesis of Mesoporous Silica

SPP plays a major role in template removal after the synthesis of the mesoporous silica
particles. The ternary surfactant system containing Pluronic P123 copolymer
(EO20PO69EO20), sodium dodecylbenzene sulfonate (SDBS), and 1,1,2,2,3,3,4,4,4-
nonafluoro-1-butane sulfonate (NFBS) was successfully used to prepare spherical
mesoporous silica particles via a simple sol–gel method under various acid concen-
trations using 1, 2, and 3 M hydrochloric acid (HCl) solutions, hereafter denoted
PFS1 M, PFS2 M, and PFS3 M (PFSaM), respectively, where PFS is the mesoporous
silica synthesized using the surfactant system of the P123 copolymer, fluorinated sur-
factant (NFBS), and sodium dodecylbenzene sulfonate (SDBS), and a M is the acid
concentration of the synthesized solution. For instance 1 M means that 1 M HCl
solution was used. Subsequently, SPP, instead of conventional processes, was
employed under controlled plasma conditions to remove the surfactant template. The
pH of the SPP solutions in the range of 3–11 was evaluated as a function of the acid
concentration of the solutions during synthesis. The overall reaction of mesoporous
silica in this present study is shown in Fig. 23.5.

TEM images of PFS3 M, PFS2 M, and PFS1 M are revealed in Fig. 23.6, which
directly provide evidence of the mesoporous structure; the images are in good
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agreement with the XRD results. Disordered wormlike mesoporous structures are
observed in the cases of PFS3 M and PFS2 M (Figs. 23.6a, b) and ordered 2D
hexagonal structures (Fig. 23.6c) are observed in PFS1 M. It is, therefore, valid to
conclude that the characteristics of mesoporous structures are dependent on the

Fig. 23.4 Dependence of the
relative decrease in the
number of spins of TEMPOL
in benzene solution with
1 mM concentration, due to
the interaction with the gold
bimetallic NPs with
10 mg mL−1 concentration, in
the case of gold alloying with
a 3d, b 4d, and c divalent sp.
Reprinted from Ref. [14],
Copyright 2013, with
permission from Elsevier
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acidity of the synthesized solution, which is strongly affected by structural micelle
formation.

Spherical mesoporous silica materials have been successfully synthesized via the
sol–gel method using a ternary surfactant system as the organic template. The
acidity of the synthesized solutions significantly influenced the mesoporous struc-
ture of mesoporous silica, as have been determined by the XRD and TEM analysis,
which shows the transformation of the structure from a disordered wormlike
structure to an ordered 2D hexagonal structure. Almost, all the surfactant template
was discarded by SPP in acid and base solutions, as confirmed by FTIR and thermal
analyses. Compared with thermal calcination, the discharge in the acid solution had
no effect on the mesoporous size. Moreover, SPP in acid solution resulted in the
highest BET surface area and mean pore diameter for mesoporous silica. Thus, the
SPP for 15 min in acid solution (pH 3) was highly efficient for template removal in
mesoporous silica [7].

Fig. 23.5 Schematic representation of overall reaction in mesoporous silica synthesis using
ternary surfactant system as a template, TEOS as silica precursor, and calcination by SPP [7].
Copyright (2010) The Japan Society of Applied Physics

Fig. 23.6 TEM images of mesoporous silica after SPP for 15 min in pH 3 solution: a PFS3 M,
b PFS2 M, and c PFS1 M [7]. Copyright (2010) The Japan Society of Applied Physics
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23.4 SPP Synthesis of Platinum Nanoparticles
in Mesoporous Silica and Characterization of Their
Catalytic Properties in the Selective Oxidation
Reaction of CO

Preferential oxidation (PROX) of CO is an important practical process to purify H2

for use in polymer electrolyte fuel cells. Although many supported noble metal
catalysts have been reported so far, their catalytic performances remain insufficient
for operation at low temperature. It was reported that Pt nanoparticles in meso-
porous silica give unprecedented activity, selectivity, and durability in the PROX
reaction below 353 K [16].

The SPP have been applied to synthesize Pt NPs during 40 min (Fig. 23.7) and
Pt NPs incorporated in mesoporous silica (Fig. 23.8) [17]. The PROX reaction
depends on of the size and location of the Pt NPs inside the mesoporous silica. We
determined that a high conversion rate, at lower temperature was obtained in the
case of Pt NPs inside the mesoporous silica (Fig. 23.9). A successful reaction
conversion was obtained starting from 140 °C.

23.5 Carbon Catalyst for Fuel Cells

Fuel cells have been paid attention because they can generate efficiently electric
energy from hydrogen and do not emit pollution to the environment. Polymer
electrolyte fuel cells (PEFC), which consists of proton-conducting polymer elec-
trolytes, is widely used for fuel cell vehicle. In PEFC, the operating temperature is
low, so the ORR at the cathode of the fuel cells influences the performance of

(a) (b)

Fig. 23.7 a The changes in the UV-vis spectra of the aqueous solution with 1.37 mM
Chloroplatinic acid as a function of SPP time; b XRD pattern of NPs synthesized in 40 min [17].
Reproduced by permission of the Surface Finishing Society of Japan
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PEFC. It is well known that the rate of ORR is low, so far, Pt and its alloys are used
as the most active catalysts for ORR and resistant materials in acidic condition.
However, Pt is limited in nature and expensive, which is a hurdle for the com-
mercialization of PEFC. In recent years, enormous research has been done on
developing an alternative non-precious metal ORR catalyst to fully replace the Pt/C
catalysts. However, the materials are limited in acidic condition. Among
non-precious metal catalysts, a family of transition metal–N4 macrocyclic com-
plexes or composites has been considered to be potential candidates for

Fig. 23.8 HRTEM image of
Pt NPs incorporated in
mesoporous silica (Pt/
FSM-16 catalyst). The bar
scale represents 50 nm [17].
Reproduced by permission of
the Surface Finishing Society
of Japan

0 50 100 150 200
0

50

100Fig. 23.9 CO conversion
rate in dependence with
temperature when Pt NPs
were outside the pores of MS
and inside of the pores of MS
[17]. Reproduced by
permission of the Surface
Finishing Society of Japan
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next-generation ORR catalysts due to their comparable ORR activity and lower cost
compared with Pt/C catalysts.

Carbon materials have been synthesized by SPP. Figure 23.10a–d shows the
process of carbon materials synthesis from the benzene solution. Plasma is gen-
erated between two electrodes inserted into the solution by applying a bipolar pulse
voltage. Black carbons are produced from benzene decomposition in the solution
surrounding plasma. Figure 23.10e–g shows the morphology images of the syn-
thesized carbon materials observed by SEM and TEM. It can be seen that the
spherical carbons with a diameter of *20 nm were obtained [9]. In the solution
plasma, the benzene is decomposed mainly to active species such as C2 and CH
radicals. These radicals react with each other and form carbon. It is believed that
carbon compounds are mostly produced by the reaction of benzene rings at the gas–
liquid interface. So, the properties of the synthesized carbon materials depend on
the structure of the precursors.

When N-methyl pyrrolidone (NMP) is used as a precursor, the sheet-like carbon
materials are synthesized as shown in Fig. 23.11a. From the Raman spectroscopy,
2D peak (2720 cm−1) appears, which indicates that the crystallinity of the domain
structure is developed. Regarding the conductivity, the sheet-like carbon obtained
from NMP has a conductivity comparable to other conductive carbons [18].
Furthermore, the use of the nitrogen-containing compound introduces nitrogen into
the carbon material, and the catalytic performance for ORR is better than the
material without nitrogen.

When carbon materials are synthesized in an organic solvent including
phthalocyanines, phthalocyanines are embedded into the synthesized carbon mate-
rials. The cyclic voltammetry curves of the carbon materials with Fe-phthalocyanine

Fig. 23.10 a–d Images of carbon synthesis during discharge, e synthesized carbon materials,
f SEM image, g TEM image
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(Fe-Pht) complex are shown in Fig. 23.12a [19]. The oxygen reduction reaction
(ORR) was evaluated in acidic condition. In the case of N2 gas bubbling, the ORR is
not observed. In the case of bubbling with O2 gas, the ORR appears at a potential of
0.5 V (vs. Ag/AgCl). To compare the catalytic performance of the carbon materials
with and without Fe-Pht, the linear sweep voltammetry curve was measured and as
shown in Fig. 23.12b. The ORR potential of carbons with Fe-Pht is higher than that

Fig. 23.11 a Morphology image of carbon materials synthesized from N-methylpyrrolidone,
b Raman spectroscopy, c Resistivity [19]. Reproduced by permission of the PCCP Owner
Societies

Fig. 23.12 a Cyclic voltammetry of the carbon materials with Fe-Pht in 0.5 M H2SO4 with N2

and O2 bubbling. b Linear sweep voltammetry of carbon materials with Fe-Pht and without Fe-Pht,
as well as 20 wt% Pt/C in 0.5 M H2SO4 at 1600 rpm [19]. Reproduced by permission of the PCCP
Owner Societies
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without Fe-Pht, which means that the catalytic performance was improved by adding
Fe-Pht. These results show that Fe-Pht was incorporated into the carbon material
without decomposition of the molecular structure of Fe-Pht by SPP.

23.6 Conclusions

In all the experiments, SPP shows to be a useful and straightforward method for
materials synthesis with various applications in nanotechnology. The SPP method
proves particular merits in the metal NP synthesis since this non-equilibrium plasma
can provide an extremely rapid reduction of a metal ion to the neutral form without
using a reducing agent, and offers the possibility to control the size by controlling
the surrounding chemistry. Furthermore, the operation at room temperature and
normal pressure makes SPP a cheap method. We also demonstrate another merit of
the SPP method for the fabrication of bimetallic NPs using a combination of the
reduction reaction of the metal (M) ion to the neutral state, while simultaneously
eroding the electrodes during the discharge, which generates the second metal in the
structure of the bimetallic NPs. This combination of processes makes SPP a more
useful method since no reducing agent or gold precursor is required in the reaction
mixture, thus offering an ecologically friendly procedure for nanostructure
synthesis.

The synthesis of carbon-based catalyst for applications in fuel cell and battery
confirms that the SPP method can be used in the production of new materials
through the chemical reactions particularly at the interface between liquid and
plasma.
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Chapter 24
Metal Oxide Materials for Automotive
Catalysts

Masakuni Ozawa

Abstract Nanostructured metals and metal oxides are combined to produce
advanced automobile catalysts for exhaust pollutant control. Catalytic emissions
control was introduced in the form of noble metal-based three catalysts for the
removal of exhaust gas pollutants of hydrocarbons (HC), carbon monoxide, and
nitrogen oxides (NOx). Alumina as wash coat components provides a high and
stable surface area for dispersion of the precious metals. Cerium oxides (ceria,
CeO2) and ceria-zirconia (CeO2–ZrO2) as oxygen storage capacity components are
typical non-metallic functional materials in the automotive catalysts. The catalysts
component layer is some hundreds of micrometers thick and loaded on the sub-
strate, usually made from cordierite ceramic and metallic alloys, which is called
coat layer with alumina-based and precious metal and ceria-based ceramic com-
posite. This section deals with developed metal oxide materials controlled with
nanometer scale, their structures, and some current advances including the author’s
achievement.

Keywords Three-way catalyst (TWC) � Noble metals � Al2O3 � CeO2 � ZrO2 �
Nanoparticle � Oxygen storage capacity

24.1 Catalysts and Metal Oxide Nanomaterials

Automotive catalysts for the exhaust depollution were first applied to US and Japan
vehicles manufacture industry in 1975 [1–6]. They are the principal emission
control tools and typical model as an application of environmental materials to
devices, proving their usefulness on environmental improvement. The environ-
mentally functional materials have made catalytic devices which contain practical
nanomaterials, and the catalytic methods for exhaust gas treatment have established
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now and most of the automobiles have equipped the catalysts for emission control.
Thus, these environmental materials have both large industrial market and
requirement of improvement for pollution control around citizen life. Figure 24.1
shows an example of a catalyst converter part which is usually both attached near
engine exhaust manifold and underbody in a car.

When a driver first starts the automobile both the engine and the catalyst are cold,
and it reaches a temperature high enough to initiate the catalytic reactions after the
exhaust gradually warms. This is referred to as the light-off performance of catalyst
and it depends on the nanomaterials combination of catalyst and its chemistry since
all the transport reactions must be fast and complete. The three-way catalysts
(TWCs) in gasoline engine are the most widely used and effective system for the
exhaust gas pollutants including hydrocarbons (HC), carbon monoxide, and nitrogen
oxides (NOx). The chemically pollutant-purifying reaction rates are enhanced
through pore diffusion and/or bulk mass transfer controlling the overall conversion
in honeycomb substrate with capillary pores, followed by coating catalytic wash coat
layer (Fig. 24.2). The TWC is the fundamental, however, leading technology,
consisting of precious nanometals (Pt, Rh, and Pd) dispersed on an alumina support

Fig. 24.1 Schematic catalytic monolith with carious composition-containing coat layer for
exhaust treatment. Reproduced from [4] with permission from Elsevier Science

Fig. 24.2 Examples of composite coat layers of Pd–Rh–CeO2–ZrO2–Al2O3 catalysts for TWC
performance. Reproduced from [5] with permission from Elsevier Science
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coated on cordierite monolith, oxygen storage catalyst such as ceria or ceria-zirconia,
and other functional promoters. Such inexpensive materials have been examined
through more advanced technology, and their effective application has resulted in
both better properties and lower cost level for advanced automotive catalyst con-
verters including gasoline, diesel and hybrid engine systems.

Regarding materials design in the practical use of catalysts, essential factors is the
control in the state of catalysts from the aspect of nanometer-scaled composite of
several catalytic compositions. Also, fabrication of catalysts was required with
nanometer and micron scale, for example, bimetallic combination between precious
metals and their controlled interaction between ceria and alumina as the supporting
phase in uniform wash coat layer on the substrate. This chapter touches on the
development and scientific and technological effort about catalytic materials, espe-
cially metal oxides nanoparticulate compounds such as alumina and ceria-zirconia.

24.2 Alumina Support and Its Modification

Nanoparticle alumina (Al2O3) as wash coat components on honeycombs provides a
dispersion of the precious metals due to its high and stable surface area even at high
temperatures [6]. Since the temperature in the catalyst can rise to over 1000 °C in
engine combustion, the thermal stabilization of catalysts is important. In general,
the surface area of starting alumina support with ca. 100 m2 g−1 decreases to below
30 m2 g−1 after heat treatment over 1100 °C, because phase transition in metastable
gamma alumina induces large sintering with the formation of alpha alumina. The
performance of surface area stabilization is strongly influenced by the purity and
morphology of alumina, as well as additive elements modification and their opti-
mization in processing. Lanthanum (La) is actually the most industrial modifier to
alumina supports, which are prepared by several methods, in automotive catalysts.
The additive of La species greatly improves the thermal stability to inhibit the
sintering and phase transformations of alumina [7–9], and the method of adding La
is important to the practical fabrication of catalysts. Besides the direct fabrication of
alumina support in industrial large scale, both surface and bulk modification using
some precipitation agent can be possibly applied to prepare catalytic alumina. The
content of a modifier should be selected if the surface area versus concentration is
optimized for heat condition used. The relationship of surface area versus modifier
content after heat treatment at 1200 °C for comparison of several high surface area
alumina powders shows that any alumina has the optimum content with relatively
low concentration if they are used at 1000–1200 °C. The other factor is the
interaction between nanoparticles in agglomeration, as well as particles and water,
which is the same as in oxides, such as silica with hydroxyl group on the surface.
The surface coverage and/or bulk doping of lanthanum oxide as a final form affect
the surface area of alumina and other stabilizing factors. Figure 24.3 shows an
example of surface area stabilization in developed alumina with La, where the best
performance appears in limited dopant contents depending starting alumina purities.
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The author has provided a new concept of the nanocomposite of complex oxide/
alumina system [10]. Figure 24.4 shows an example of the TEM image, where a
10 nm-size LaAlO3 (as a dark-contrast particle) has nucleated in alumina
nanoparticulate aggregate matrix when overloaded La content exits. In the simple

Fig. 24.3 Relationship of
surface area versus La content
for several alumina catalytic
support (powder) after heat
treatment at 1200 °C.
Rreproduced from [9] with
permission from Elsevier
Science

100nm

100nm

Fig. 24.4 Electron
microscopic image of 5 mol%
La-modified alumina support
heated at 1200 °C: secondary
(upper) and reflection (lower)
electron microscopy image in
the same area
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impregnation, the La and nitrate species both remains on alumina surface during the
drying process, so that an attractive force by the bridging La species should be
active, leading the hard agglomerates of alumina. Such starting state of agglom-
eration should induce the difference about sintering, phase transformation and
solid-state reactions in heat treatment. Although LaAlO3 is believed as one of the
stabilizing form on alumina with mono-unit layer on the surface [7], it is generally
difficult to detect such crystallites in practical materials. In industrial-stabilized
alumina products, La species is combined with metastable alumina in nanoscaled
dispersion state.

Concerning morphology stabilization of alumina coat layer in practical catalytic
converters, an aspect of ceramics is important to make a thermal stable wash coat
layer. The sintering of catalyst layers was related to neck growth, grain growth and
phase evolution in alumina support on the substrate. The so-called “sintering” of
ceramics, in this case, has finally resulted in the fracture of wash coat layers as well
as grain growth in catalysts. A larger shrinkage of porous alumina than that of the
honeycomb substrate in the automotive catalyst is induced by high-temperature
exhaust, leading to a local stress to form cracks. Figure 24.5 shows the scanning

Fig. 24.5 Surface
morphologies of alumina coat
layer on FeCrAl alloy
substrate, heated at 1100 °C
for 3 h in air. a c-Al2O3 and
b La-stabilized c-Al2O3. See
Ref. [11] in details,
reproduced from [11] with
permission from Elsevier
Science
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electron microscopy (SEM) image of compared pure Al2O3 and La-stabilized
Al2O3, which were coated on an Fe–Cr–Al foil (general metal substrate in TWC),
followed by heating at 1100 °C for 3 h in air [11]. No critical fracture was found
when alumina has been stabilized with La, although some fair cracks are observed.
In practical fabrication processing, the rheology of alumina suspension must be
controlled during the coating process of the porous, stable and homogeneous thick
coat layer in the capillary pore of alloy or ceramic substrates. After then, the
La-modified composite alumina will become stable support (as wash coat layer) on
an automotive honeycomb bed even subjected to high heat environment. The
strength of agglomerates in powders often prepared by a chemical route is con-
trolled by the extent of particle–particle interaction.

24.3 Ceria-Zirconia for Oxygen Storage Capacity (OSC)

The TWCs has characteristic properties that the operation under a certain air/fuel
ratio (A/F) of around 14.5 (stoichiometric point, k = 1) results in highest perfor-
mance about removal efficiencies [1–5]. The performance of TWC rapidly
decreases as illustrated in Fig. 24.6 in both conditions out of k = 1. In a series of
reactions, CO, H2, and HC are oxidized and NOx are reduced simultaneously into
CO2, H2O, and N2. At stoichiometric condition, the right balance of CO, H2, and
HC to reduce NOx and O2 can be achieved. In general, A/F occasionally fluctuates
in actual vehicle engine operation. For example, NOx emissions increase during
acceleration in actual driving conditions, since the A/F fluctuates out of the stoi-
chiometric point to lean (excess oxygen) condition.

Oxygen storage capacity (OSC) has been a key function in automotive catalysts
for precisely controlling the variation of A/F in exhaust [1–5, 14]. The optimization
of atmosphere in nanometer-sized space around catalyst particles leads better

Fig. 24.6 Hydrocarbons
(HC), CO, and NOx
conversions versus excess
oxygen condition in TWC.
Oxygen sensor output is also
illustrated
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efficiencies to remove CO, HC, and NOx. Also, the oxidation performance may
possibly be used for the design of the advanced catalyst for combustion, for
example, cold starting condition. Now, ceria-zirconia system has been a standard
composition of OSC in high-performance automotive catalyst including TWC and
diesel exhaust systems. The composite (solid solution) subcatalyst is widely applied
to practical TWCs that must have excellent catalytic OSC performance, high
durability, and thermal stability. Such ceria-zirconia (CeO2–ZrO2) catalytic com-
ponents for TWCs was invented by Ozawa et al. in 1987, and during the 1990s, the
OSC material has been one of the main targets as improvement method of a series
of automotive catalysts [12–16], and then this material has recently been applied to
the research and development of various catalysis including other air pollution
catalysts, hydrogen production, reforming, and so on. The fundamental dynamic
performance of Pt catalyst was given by comparing the model examples of TWCs;
Pt/Al2O3 and Pt/CeO2–ZrO2/Al2O3 [17]. The light-off TWC activity of catalysts
was tested during temperature-arising condition by using the simulated mixture of
gases (CO, NO, C3H6, CO2, H2, H2O, O2, N2 balance) with the variation of O2/CO
ratio. These observations (Figs. 24.7 and 24.8) indicated that the activities of Pt
catalyst under the condition corresponding to A/F modulation (CO–O2) were
enhanced by CeO2–ZrO2. The experiment of the model catalysts directly shows the
effect of the mixed oxides themselves on the activities under A/F modulation. The
behavior of oxygen evolution and/or uptake originates from the nonstoichiometry
and oxygen diffusion at the surface and in lattice in Ce1−xZrxO2. The OSC promoter
should satisfy both factors; the wide-range operation for redox between Ce3+ and
Ce4+ in the reducing and oxidizing atmosphere, and the essentially high reaction
rate for oxygen evolution and storage over the modified catalysts. Catalytic reaction
for OSC is essentially the phenomenon between a reactant such as gaseous
hydrogen and CO and oxygen at a surface active site of CeO2 based materials. The
enhanced oxygen diffusion is an important factor to improve and find OSC pro-
moters for TWCs.

There appears the cubic solid solution of Ce1−xZrxO2 in Ce-rich region, while
tetragonal and monoclinic solid solutions form in the tight regions of Zr-rich side.
In the central region, there are several structures such as Ce2Zr2O7 as well as
another metastable mixed oxide [15]. However, the compounds or mixed oxides in
CeO2–ZrO2 are often obtained as their metastable states, which are also useful for
the catalytic application. Also, a strong requirement for OSC materials is their
thermal stability and durability for hot exhaust at around or above 1000 °C. Usual
CeO2 powder easily sinters at elevated temperatures, although it is one of the good
refractory oxides with high melting point. The addition of zirconium, especially the
formation of CeO2–ZrO2 solid solution is effective to the inhibition of the sintering
of ceria. The simple experiments indicated that the Zr modification of CeO2

powder, followed by solid-state reactions, had the effects to the improvement of the
thermal stability of CeO2 promoter [13]. The chemical synthesis processes, as well
as an impregnation are expected to lead to more excellent inhibition to the thermal
deactivation (sintering) of CeO2. The system of CeO2–ZrO2/Al2O3 (ACZ)
composite powder brings a larger effect on surface area stabilization compared with
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ordinary CeO2–ZrO2 subcatalyst. Since the influence of stabilized nanoparticulate
alumina is the same as the figure effect, the interaction between CeO2, ZrO2 and
Al2O3 is found to has specially induced inhibition behavior on sintering (Fig. 24.9).
There is often the trade-off relationship between an atomically structured crystal and
practical nanoparticulate heterogeneous catalyst with high surface area.

As a matter of fact, the state of precious metals are very important to design
overall three-way removal performance as well as OSC. Thus, the interaction of
precious metals with CeO2–ZrO2 subcatalysts and Al2O3 support should be

(a) 0.5 wt% Pt/Al2O3 

(b) 0.5 wt% Pt/Ce0.8Zr0.2O2/Al2O3

Fig. 24.7 Light-off
three-way catalytic
performance of 0.5 wt%
Pt/Al2O3 (a), and 0.5 wt%
Pt/Ce0.8Zr0.2O2/Al2O3 (b) after
aging test at 1000 C.
Symbols: ■: CO, ●: C3H6,
□: NO. Reproduced from [16]
with permission from Elsevier
Science
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examined more with respects to SMSI (strong metal support interaction) in oxi-
dizing and reducing atmosphere [17–21]. Recent technologies provide a strong
method to examine the interaction by using X-ray and electrons, for example XAFS
and environmental electron microscopy. Figure 24.10 shows a transmission elec-
tron microscopy (TEM) image observed in order to reveal the morphology and state
of palladium species in Pd/CeO2–ZrO2 catalysts [19]. In general, the XRD peaks
assigned as Pd or PdO were not identified due to the strong diffraction of support,
and TEM image suggests an amorphous state of Pd or PdO with two or three atomic
layers on CeO2–ZrO2. Thus, it is confirmed that the palladium species were highly
dispersed on OSC support, and the strong interaction between palladium and CeO2–

ZrO2 seems to inhibit the particle growth of palladium.

Fig. 24.8 Rich-lean transient conversion behavior of CO and NOx concentrations at 600 °C over
0.5 wt% Pt/Al2O3 (������), 0.5 wt% Pt/CeO2/Al2O3 (- - - -), and 0.5 wt% Pt/Ce0.8Zr0.2O2/Al2O3 (–).
Full scales are 400 ppm for NO and 800 ppm for CO. Reproduced from [16] with permission from
Elsevier Science

Fig. 24.9 Transmission
electron microscopy images
of Al2O3/CeO2–ZrO2

(ACZ) OSC subcatalyst

24 Metal Oxide Materials for Automotive Catalysts 365



24.4 Summary

Catalytic nanomaterials are considered to be important inorganic such as catalytic
aluminas, ceria, and zirconia or ceramic products. They are very much in demand,
because they are widely used as components in environmental pollution control and
automotive exhaust treatment. Concerning surface area and morphology stabiliza-
tion of alumina coat layer, an aspect of nanocomposite is important to make a
thermal stable and smooth wash coat. CeO2–ZrO2 and modified CeO2 promoters
like ACZ have been applied in practice so far, and there are extensive researches
and development of oxides themselves as catalytic materials. Research using more
advanced fabrication techniques should be enhanced toward nanoparticles which
are well dispersed and with high surface area as the original single and/or mixed
oxides. An advanced approach to such catalytic nanomaterials is believed to play a
more important role toward future development of novel ecosystem. Of course, the
detailed studies of catalytic reactions and mechanism of catalysis regarding with
chemistry will be strongly required, and the author suggests that the materials
research and development to find novel environmental catalyst is promising to
research and industrial field for various depollution requirements.

Fig. 24.10 Transmission
electron microscopy images
of 1 wt% Pd/CeO2–ZrO2

catalyst. Allows indicate
PdOx nanophase. Reproduced
from [15] with permission
from Elsevier Science

366 M. Ozawa



References

1. M. Shelef, Catal. Rev. Sci. Eng. 11, 1 (1975)
2. P. Nortier, M. Soustelle, Catalysis and Automotive Pollution Control, ed. by Crucq,

A. Frennet (Elsevier Science Publisher B.V., Amsterdam, 1987) pp. 275–300
3. H.S. Gandhi, G.W. Graham, R.W. McCabe, J. Catal. 216, 433 (2003)
4. S. Matsumoto, H. Shinjoh, Adv. Chem. Eng. 33, 1 (2008)
5. S. Kang, Seok, J. Han, I.-S. Nam, B. Cho, C. Kim, S. Oh, Chem. Engin. J. 241, 273 (2014)
6. N. Miyoshi, S. Matsumoto, M. Ozawa, M. Kimura, SAE Paper Series 89190 (1989), p. 1
7. M. Ozawa, M. Kimura, A. Isogai, J. Less-Common Met. 162, 297 (1990)
8. M. Ozawa, Y. Nishio, J. Alloy Compds. 374, 397 (2004)
9. M. Ozawa, J. Alloy Compds. 408–412, 1090 (2006)

10. M. Ozawa, Y. Nishio, Appl. Surf. Sci. 380, 288 (2016)
11. M. Ozawa, K. Araki, Surf. Coat. Technol. 271, 80–86 (2015)
12. M. Ozawa, M. Kimura, A. Isogai, J. Alloy Compds. 193, 73 (1993)
13. M. Ozawa, J. Alloy Compds. 257–277, 886 (1998)
14. M. Ozawa, K. Matuda, S. Suzuki, J. Alloy Compds. 303–304, 56 (2000)
15. M. Sugiura, M. Ozawa, A. Suda, T. Suzuki, T. Kanazawa, Bull. Chem. Soc. Jpn. 78, 752

(2005)
16. M. Ozawa, T. Okouchi, M. Haneda, Catal. Today B 242, 329–337 (2015)
17. M. Ozawa, M. Takahashi-Morita, K. Kobayashia, M. Haneda, Catal. Today 281, 482 (2017)
18. M. Ozawa, C.-K. Loong, Catal. Today 50, 329 (1999)
19. N. Kamiuchi, M. Haneda, M. Ozawa, Catal. Today A 241, 100 (2015)
20. M. Haneda, T. Kaneko, M. Ozawa, Catal. Sci. Technol. 5, 1792 (2015)
21. M. Ozawa, S. Kato, K. Kobayashi, T. Yogo, S. Yamaura, Jpn. J. Appl. Phy. 55, 01AG05

(2016)

24 Metal Oxide Materials for Automotive Catalysts 367



Part V
Novel Structured Materials

for Bio-Medical Applications



Chapter 25
Current and Future Hard Materials
for Biomedical Field

Takao Hanawa

Abstract Many materials are used in the field of medicine and dentistry. In this
section, current metallic, ceramic, and polymer materials in medicine and problems
of them are explained and future materials to solve the problems are prospected.
A hard biomaterial is defined first against soft biomaterial and the necessity of
biosis–abiosis intelligent interface between hard materials and living tissue is
demonstrated. Tissue compatibility of titanium and surface treatment for hard tissue
compatibility including its current problems, basis of materials research sometimes
left behind, and hard materials for regenerative medicine, are discussed. In addition,
medical use of metals, ceramics, and polymers are finally explained.

Keywords Hard materials � Metals � Ceramics � Polymers � Biomaterials �
Surface treatment

25.1 Hard Biomaterials

Biomaterials consist of metals, ceramics, and polymers, as well as biomolecules
such as proteins, lipids, nucleic acids, etc. Near recently, some cells and tissues are
also employed as biomaterial. Constituents of the human body are basically
polymers such as biomolecules, cells, and tissues, therefore, polymers designed
based on these structures usually show biofunctions. In fact, major research tech-
niques of polymers in biomedical filed are proceeded as bio-mimic design and
synthesis of materials and the evaluation of them with cell culture and animal
implantation. Also in ceramics, bioactive ceramics such as hydroxyapatite and
calcium phosphate are investigated with the same techniques. On the other hand,
metallic materials do not exist in the human body, while metal elements exist there.

T. Hanawa (&)
Institute of Biomaterials and Bioengineering, Tokyo Medical and Dental University,
Tokyo, Japan
e-mail: hanawa.met@tmd.ac.jp

© Springer Nature Singapore Pte Ltd. 2019
Y. Setsuhara et al. (eds.), Novel Structured Metallic and Inorganic
Materials, https://doi.org/10.1007/978-981-13-7611-5_25

371

http://crossmark.crossref.org/dialog/?doi=10.1007/978-981-13-7611-5_25&amp;domain=pdf
http://crossmark.crossref.org/dialog/?doi=10.1007/978-981-13-7611-5_25&amp;domain=pdf
http://crossmark.crossref.org/dialog/?doi=10.1007/978-981-13-7611-5_25&amp;domain=pdf
mailto:hanawa.met@tmd.ac.jp
https://doi.org/10.1007/978-981-13-7611-5_25


Therefore, nobody knows how to make biofunctional metals and alloys because
there is no model of them in the nature.

In the field of biopolymers, researches on so-called “soft materials” such as
carrier of drug delivery system (DDS) gel and polymers similar to cell membrane
are active. The interface between the soft materials and living tissues is called “soft
interface.” Soft materials function basically in aqueous solutions. On the contrary, a
term “hard materials” represents metals, crystalline ceramics, glasses, and solid
polymers, as shown in Fig, 25.1. Here, calcium phosphate ceramics dissolved and
changed to bone in the human body may be categorized intermediate between soft
and hard materials.

Major required property for hard materials is unchanged dimension in solid state:
(1) non-deformation, (2) non-fracture, and (3) maintaining solid-state long term. In
other words, high strength, fracture toughness, fatigue strength, and corrosion
resistance are required. When hard materials are used as biomaterials, namely in
hard biomaterials, the solid surface contacts living tissues and its function appears
in the solid state. The function contains not only interfacial and chemical functions
but also mechanical functions. Biosis–abiosis interface between living tissue and
solid surface is usually clear, prevents mass transfer, and works as a barrier to
conduct biofunctions (Fig. 25.2a). Therefore, tremendous studies are conducted to
convert this clear interface to an intelligent interface: The intelligent interface is
unclear, graded, mass transferable, and conducting biofunction (Fig. 25.2b). Hence,
the additional following properties are required for hard biomaterials: (4) biofunc-
tion and tissue compatibility such as bone formation and bonding, prevention of
bone assimilation, soft tissue bonding, prevention of thrombus, and prevention of
biofilm formation, (5) significant stiffness to prevent loading to tissue during
healing and the same deformation as living tissue after healing, and (6) no damage
to living tissue with friction wear. The properties (4) are chemical and possibly
performed with surface treatment and modification; the properties (5) and (6) are
mechanical and possibly performed with material development: Alloy design and
manufacturing process in metals, composition design, synthesis and sintering in
ceramics, and molecular design and synthesis in polymers.

Fig. 25.1 Concept of hard biomaterials and soft biomaterials

372 T. Hanawa



25.2 Metals

Metallic materials are generally multi-crystal body consisting of metal bonds. For
example, metal oxide, metal salt, metal complex, etc., contains metal elements,
however, these are compounds consisting of ionic bond or covalent bond; these
properties are completely different from those of metals consisting of the metal
bond. Therefore, in the field of materials engineering, ceramics and metals are
clearly distinguished, in spite of these are categorized in inorganic compounds
together. Each material has its own advantages and disadvantages and the appli-
cation is determined according to its property.

Metals are utilized for dental restoration and bone fixation since 2500 years ago;
they have a long history as biomaterials. Advantages of metals as biomaterials are
listed as follows. These properties are caused by the metal bond.

Fig. 25.2 Clear interface
against cell, bacterial, and
tissue: the interface works as a
barrier for the transportation
of molecules and conduction
of biofunction (a). Unclear
and graded interface at which
smooth transportation of
molecules occurs, both
material and tissue are
integrated together, and
biofunctions are conducted (b)
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(a) Large strength.
(b) Large ductility; easy working.
(c) Large fracture toughness.
(d) Equipment of both elasticity and stiffness.
(e) Electroconductivity.

Metals and alloys are widely used as biomedical materials and are indispensable
in the medical field. The advantages of metals compared with ceramics and poly-
mers are large strength and difficulty to fracture. In particular, toughness, elasticity,
rigidity, and electrical conductivity are essential properties for metals used in
medical devices.

The use of metals as raw materials has a long history and it can be said that the
present “materials science and engineering” has been developed based on research
into metals. However, metals are sometimes thought of as “unfavourite materials”
for biomaterials because of memories of the environmental and human damage
caused by heavy metals. Since an improvement in the safety of metals for medical
use is vital, strenuous efforts have been made to improve corrosion resistance and
mechanical durability. In addition, metals are typically artificial materials and have
no biofunctions, which makes them fairly unattractive as biomaterials. On the other
hand, the fast technological evolution of ceramics and polymers has made it pos-
sible to apply these materials to medical devices over the last three decades. In
particular, because of their excellent biocompatibility and biofunctions, ceramics
and polymers are expected to show excellent properties for use as biomaterials; in
fact, many devices made from metals have been replaced by others made from
ceramics and polymers. In spite of this fact, over 70% of implant devices are still
made from metals and this percentage remains unchanged because of their high
strength, toughness, and durability. Metallic biomaterials cannot be replaced with
ceramics or polymers at present. In addition, research into their use in regenerative
medicine will not be completed for at least another few decades. In other words,
artificial materials such as metals will continue to be used as biomaterials in the
future.

Medical devices consist of metals and their materials are summarized in
Table 25.1. About over 70% of implant devices and over 95% of orthopedic
implants consist of metals: Metals are still the main materials for implant devices
[1]. Conventionally, metals are essential for orthopedic implants: Bone fixators,
artificial joints, external fixators, etc., since they can substitute for the mechanical
function of hard tissues in orthopedics. Stents and stent grafts are placed at angusty
in blood vessels for dilatation. Therefore, elasticity or plasticity for expansion and
rigidity for maintaining dilatation are required for the devices. In dentistry, metals
are used for restorations, orthodontic wire, and dental implants. In noble metals and
alloys, gold (Au) marker for the imaging of stent, platinum (Pt) for embolization
wire, and Au alloys and silver (Ag) alloys for dental restoratives are utilized. In
base metals and alloys, austenitic stainless steels, cobalt–chromium (Co–Cr) alloys,
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Table 25.1 Metals used for medical devices

Clinical
division

Medical device Material

Orthopedic
surgery

Spina fixation 316L stainless steel; Ti; Ti–6Al–4V;
Ti–6Al–7Nb

Bone fixation (bone plate, screw,
wire, bone nail, mini plate, etc.)

316L stainless steel; Ti; Ti–6Al–4V;
Ti–6Al–7Nb

Artificial joint; bone head Co–Cr–Mo; Ti–6Al–4V; Ti–6Al–7Nb

Spina spacer 316L stainless steel; Ti–6Al–4;
Ti–6Al–7Nb

Cardiovascular
medicine and
surgery

Implant-type artificial heart
(housing)

Ti

Pacemaker (case)
(electric wire)
(electrode)
(terminal)

Ti; Ti–6Al–4V
Ni–Co
Ti; Pt–Ir
Ti; 316L stainless steel; Pt

Artificial valve (frame) Ti–6Al–4V

Stent 316L stainless steel; Ti–N; Ta;
Co–Cr–Mo

Guide wire 316L stainless steel; Ti–Ni; Co–Cr

Embolization wire Pt

Clip Ti–6Al–4V; 630 stainless steel; Co–Cr

Otolaryngology Artificial inner year (electrode) Pt

Artificial eardrum 316L stainless steel

Dentistry Filling Au foil; Ag–Sn(–Cu) amalgam

Inlay, crown; bridge; clasp;
denture base

Au–Cu–Ag; Au–Cu–Ag–Pt–Pd; Ti;
Ti–6Al–7Nb; Co–Cr; 304 stainless
steel; 316L stainless steel

Thermosetting resin facing crown;
porcelain-fused-to-metal

Au–Pt–Pd; Ni–Cr

Solder Au–Cu–Ag; Au–Pt–Pd

Dental implant Ti; Ti–6Al–4V; Ti–6Al–7Nb; Au

Orthodontic wire 316L stainless steel; Co–Cr; Ti–Ni;
Ti–Mo

Magnetic attachment Sm–C; Nd–Fe–B; Pt–Fe–Nb; 444
stainless steel; 447J1 stainless steel;
316L stainless steel

Treatment device (bar, scaler,
periodontal probe, dental tweezers,
raspatory, etc.)

304 stainless steel

General
surgery

Needle of syringe 304 stainless steel

Scalpel 420J1 stainless steel

Cathetel Ni–Ti; 304 stainless steel; 316L
stainless steel; Co–Cr; Au; Pt–In

Staple 630 stainless steel
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commercially pure titanium (CP Ti) and Ti alloys, whose corrosion resistance is
maintained with surface oxide film as s passive film, are utilized for implant
materials. On the other hand, wear resistance is required to decrease the generation
of wear debris. Co–Cr–molybdenum (Mo) alloys have good wear resistance and are
used for sliding part of artificial joints.

Safety to the human body is essential in biomaterials; no toxic material is used
for biomaterials. Metals implanted in tissues do not show any toxicity without metal
ion dissolution by corrosion and/or generation of wear debris by wear. Therefore,
corrosion resistance is absolutely necessary for metals in biomedical use, causing
the uses of noble or corrosion-resistant metals and alloys for medicine and dentistry.

25.3 Ceramics

The advantages of ceramics are high strength, high wear resistance, and high heat
resistance, as well as esthetic white color for dental restorations. Hydroxyapatite
(HA) and tricalcium phosphate (TCP) are mainly used for hard tissue substituting
materials such as bone substituting materials gradually transit to natural bone and
artificial bone, because inorganic constitution in human hard tissue is mainly HA.
On the other hand, other types of ceramics such as zirconia show high chemical
stability and high wear resistance. Therefore, ceramics occupy important positions
among biomaterials. Bioceramics are categorized three groups: bioinert ceramics
unreacted with human tissue, bioactive ceramics integrated with bone, and
biodegradable ceramics absorbed in the human tissue.

The disadvantages of ceramics are low fracture toughness, especially low notch
toughness, inducing sudden and rapid fracture. Therefore, ceramics are not
employed where large load and frequent loads are applied and stress is
concentrated.

Medical devices consist of ceramics and their materials are summarized in
Table 25.2. In orthopedics, restorations of relatively small bone defect, spinal
spacers, artificial joints, and coating of stem of artificial stems. In dentistry,
porcelain and artificial teeth mainly consisting of alumina (Al2O3), silica (SiO2),
and leucite, yettria-stabilized zirconia (YSZ) for crown and bridge formed by CAD/
CAM, and powder of dental cements. In the process of dental technology, plaster
and dental stone for model materials and plaster and silica for the investment of
dental casting are used. In dental implants, calcium phosphate for filler of peri-
odontal pocket, titania (TiO2) and HA for coating of the fixture, and YSZ for
abutment. For scaffold materials in regenerative medicine, HA-collagen,
HA-chitosan, HA-chitin, and HA-hyaluronic acid composites are used. In addition,
HA nanoparticle is attempted to use for nanocareer in gene therapy.
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25.4 Polymers

Polymers are used for various medical devices because of their high degree of
flexibility, lightweight, and plasticity. Also, it is relatively easy to design bio-
functional polymers based on biomimetic technique, because biofunctional poly-
mers exist in the human body as parts of biomolecules, cells, tissues, and organs.
Therefore, some of the polymeric materials are widely known as biocompatible and
biofunctional materials. Proper polymeric materials could be employed according to
the purpose because they cover a large range of mechanical property such as
strength, hardness, and elongation. However, over 90% of medical polymers are
used outside the human body; less than 10% of them are used in the human body.

As a disadvantage, polymers are hardly used under large load because of their
low strength and limited sterilization techniques are feasible because of low thermal
resistance. In addition, after long uses, polymers gradually decrease their molecular
weight due to crystallization and fragmentation. In the human body, polymers
degrade due to the decrease of local pH with enzyme, infection, and inflammation.

Table 25.2 Ceramics used for medical devices

Clinical
division

Medical device Material

Orthopedic
surgery

Artificial joint Alumina, zirconia; HA; bioactive glass;
bioactive ceramics

Artificial bone

Bone extending agent b-tricalcium phosphate (b-TCP), alumina,
HA, bioactive glass

Fixator Poly(lactic acid) (PLA) + carbon fiber (CF),
PLA + glass fiber + calcium phosphate

Artificial tendon,
Artificial ligament

PLA + CF

Otolaryngology Artificial auditory
ossicles

Alumina, glass, HA

Dentistry Dental implant (fixture) Alumina, HA, bioactive glass

Dental implant
(abutment)

Zirconia

Periodontal pocket filler HA, HA + PLA, b-TCP, Calcium phosphate
salt, Bioactive glass

Dental cement powder Zinc oxide, alumina silicate glass

Dental porcelain Leucite + quartz, leucite + alumina

Crown, bridge Zirconia

Artificial teeth Feldspar + quartz + clay

25 Current and Future Hard Materials for Biomedical Field 377



Medical devices consist of polymers and their materials are summarized in
Table 25.3. Natural polymers used for biomaterials are proteins such as collagen
and fibrin and polysaccharide such as cellulose and chitin. Natural polymers are
mainly used for suture, hemostat, adhesive, scaffold for regenerative medicine and
careers for DDS.

On the other hand, in synthesized polymers, poly(methyl methacrylate) (PMMA)
is employed when transparence and quick cure are requested, silicone and poly-
tetrafluoroethylene (PTFE) is employed when flexibility is requested, polyester is

Table 25.3 Polymers used for medical devices

Clinical division Medical device Material

Orthopedic
surgery

Artificial ligament PTFE; polyester; polypropylene (PP)

Bone substitute;
ointment; substitute
tendon

Silicone

Artificial hip joint;
artificial knee joint

UHMWPE, MPC polymer

Artificial knuckle Silicone

Spinal cage and spacer PEEK

Bone cement PMMA

Hernia patch PTFE

Plastic surgery Artificial skin Collagen

Artificial breast Silicone

Facial prostheses Silicone

Nose prostheses Silicone

Internal medicine
and urology

Blood purification
membrane

PMMA; cellulose; nylon; polysulfone (PSF);
polyacrylonitrile

Ascites filtration
membrane

Cellulose

Hemodialysis circuit Polyvinyl chloride (PVC)

Artificial kidney Cellulose; cellulose acetate; polyethylene
vinyl alcohol; PMMA; PSF; MPC polymer

Cardiovascular
medicine and
surgery

Artificial heart Polyurethane; MPC polymer

Artificial valve Silicone

Pacemaker electric
wire

Silicone; polyurethane

Vascular graft PTFE; polyester; MPC polymer

Balloon catheter Polyurethane

Stent graft Polyester; polyurethane; PTFE

Heart patch; vascular
patch

PTFE

Cardiopulmonary
bypass circuit

PVC

Pericardial sheet PTFE

Otolaryngology Artificial pinna Silicone
(continued)
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employed when strength is requested, and ultra-high molecular weight polyethylene
(UHMWPE) is employed when the wear resistance is requested. 2-(methacryloy-
loxy)ethyl phosphorylcholine (MPC) polymer similar to cell membrane structure is
used for contact lens, artificial heart, artificial lung, artificial blood vessel, artificial
kidney, surface modification of artificial joint, utilizing to its lubrication,
antithrombogenicity, and water retention characteristics properties [2]. Polyetherke-
toneketone (PEEK) as an engineering plastic is applied to spinal cage and spacer
and the evaluation is high because of their small artifact under MRI. The tensile
strength of PEEK is 100–130 MPa that is sufficiently large as a polymer, while it is
about one-fourth that of CP Ti (ISO grade 2) that is 345–510 MPa.

Table 25.3 (continued)

Clinical division Medical device Material

Respiratory
medicine

Artificial lung MPC polymer

Ophthalmology Contact lens PMMA; poly(2-hydroxyethyl methacrylate)

Intraocular lens PMMA

Haptics PP

Dentistry Denture base PMMA; polycarbonate (PC); PSF

Artificial teeth PMMA

Filler Methacrylic acid-derived polymers

Surgery Artificial lever Activated carbon; porous polymer beads

Membrane oxygenator Silicone; PP

Artificial esophagus PE + natural rubber

General surgery Disposable supplies PP

Suture Polyester; PP; nylon; PTFE; collagen; fibroin

Catheter Silicone; PVC

Nonwoven fabric Cellulose

Hemostatic material Collagen; gelatin; fibrin; cellulose

Synechia preventive
film

Silicone; PTFE

Wound dressing Chitin

Adhesive Fibrin

Embolus Gelatin

Others Transfusion set PVC

Infusion bag; blood
bag

PVC

Drug-eluting carrier Collagen
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25.5 Surface Treatment

25.5.1 Necessity

The disadvantage of metals as biomaterials is that they are typically artificial
materials and have no biofunction. Therefore, additional properties are required for
the metals. Requests to metals for biomedical use are summarized in Table 25.4. To
respond to these requests, a new design of alloys and many techniques for surface
treatment of metals have been attempted on a research stage and some of them are
commercialized. Surface treatment is necessary, because biofunction could not be
added during manufacturing processes of metals such as melting, casting, forging,
and heat treatment, to add biofunction to metals. Surface treatment is a process that
changes a material’s surface composition, structure, and morphology, leaving the
bulk mechanical properties intact. With surface treatment, the tissue compatibility
of the surface layer can be improved, as shown in Fig. 25.3. Surface treatment
techniques by both dry and wet processes used in research and industry are sum-
marized in Fig. 25.4. Surface treatment techniques are reviewed elsewhere [3, 4].

Table 25.4 Requests to metals for medical devices

Required property Target medical devices Effect

Elongation to
fracture

Spinal fixation; maxillofacial plate Improvement of durability

Elastic modulus Bone fixation; spinal fixation Prevention of bone absorption
by stress shielding

Superelasticity
shape memory
effect

Multipurpose Improvement of mechanical
compatibility

Wear resistance Artificial joint Prevention of generation of
wear debris; improvement of
durability

Biodegradability Stent; artificial bone; bone fixation Elimination of materials after
healing; unnecessity of retrieval

Bone formation
Bone bonding

Stem and cup of artificial hip joint;
dental implant

Fixation of devices in bone

Prevention of bone
formation

Bone screw; bone nail Prevention of assimilation

Adhesion of soft
tissue

Dental implant; trans skin device;
external fixation; pacemaker housing

Fixation in soft tissue;
prevention of inflectional
disease

Inhibition of
platelet adhesion

Devices contacting blood Prevention of thrombus

Inhibition of
biofilm formation

All implant devices; treatment tools
and apparatus

Prevention of infectious disease

Low magnetic
susceptibility

All implant devices; treatment tools
and apparatus

No artifact in MRI
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Fig. 25.3 Category of surface treatment of metallic materials to add biocompatibility and
biofunctions remaining good mechanical property

Fig. 25.4 Surface treatment techniques by dry and wet processes. Mechanical anchoring is
expected b hatched processes
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25.5.2 Surface Treatment for Bone Formation

Ti and its alloys, which show good hard tissue compatibility, are used for dental
implants and artificial hip joints. However, the hard tissue compatibility of these
materials is lower than that of bioactive ceramics, such as HA and bioactive glasses.
Therefore, numerous surface treatment techniques to improve the hard tissue
compatibility of Ti have been developed, and some have been commercialized.

In the stems of artificial hip joints and dental implants, the chemical bonding of
metal surfaces with bone is not expected. In other words, it is impossible for metals
as typical artificial materials to chemically and naturally bond with bone as living
tissue, especially in the human body with body fluid. Therefore, the surface mor-
phology is sometimes controlled, and rough and porous surface is formed in tita-
nium. Living tissue, such as bone, is expected to grow into the rough porous
surface, and the materials and bone are strongly connected as a result of the
so-called anchoring effect.

25.5.3 Evolution of Surface Treatment for Bone Formation

Figure 25.5 shows the evolution of surface treatment techniques to improve hard
tissue compatibility at the research level:

First generation: Grind machining of the surface.
Second generation: Grooving, blast, acid etching, anodic oxidation, and laser
abrasion.
Third generation: Chemical treatment and hydroxyapatite coating.
Fourth generation: Immobilization of biofunctional molecules (collagen, bone
morphogenetic protein, and peptide).
Fifth generation: Coating of stem cells and tissues?

The bone formation of the material surface is accelerated when biomolecules
concerning bone formation are immobilized on the material surface, such as in the

Fig. 25.5 The evolution of surface treatment techniques to improve hard tissue compatibility at
the research level
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fourth generation in Fig. 25.5. Therefore, many studies have achieved good results
in this direction. However, to increase the popularity of the immobilization of
biofunctional molecules, it is necessary to ensure the safety, quality maintenance
during storage, and dry-conditioned durability of the immobilized layer. Therefore,
it is difficult for manufacturers to commercialize those research results. Most of
commercialized goods are categorized into the second generation, a few belong to
the third generation. The commercialization went faster for the second than third
generation possibly because materials employing mechanical anchoring are more
practical than materials employing chemical bonding with bone.

25.6 Conclusions

Researches on surface treatment techniques to add biocompatibility and bifunction
sometimes leave mechanical properties out of account. This matter may delay
commercialization of the techniques. Most of the researchers make the best effort to
evaluate biological effects with cell culture and animal test; they hesitate to conduct
the evaluation of durability. They sometimes do not remind “materials engineer-
ing”, while reminding only materials chemistry and biological evaluation. To
rapidly utilize and commercialize a material successfully investigated in the stage of
basic researches, the disadvantage and limit of the material should be clear and
known.
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Chapter 26
Mechanical Property of Biomedical
Materials

Masaaki Nakai and Mitsuo Niinomi

Abstract Metallic materials are mainly employed for the orthopaedic and dental
implants because of high strength and appropriate ductility. Further, the implants
are used for long term so that high fatigue strength is one of the most important
properties in practical use. In addition, these implants are exposed to human body
fluid, which is composed of corrosive liquid for metallic materials. In the case of
metallic materials, corrosion sometimes accelerates the fatigue failure, that is,
corrosion fatigue. Therefore, the effect of testing environment on fatigue strength
should be also considered. In this chapter, the mechanical properties such as tensile
properties and fatigue properties of the representative metallic materials for
biomedical applications such as stainless steels, cobalt–chromium alloys, and tita-
nium alloys in air and simulated body fluid are reviewed.

26.1 Introduction

Implants such as artificial hip joints, bone plates, dental roots, etc., are usually used
under loading conditions in the human body. Therefore, metallic materials are
mainly employed for these implants because of high mechanical reliability.

High mechanical reliability of metallic materials is generally caused by their
high strength and ductility. Further, these implants are used for long term so that
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high fatigue strength is one of the most important properties in practical use in order
to increase the mechanical reliability of the implant. In addition, these implants are
exposed to human body fluid, which is composed of corrosive liquid for metallic
materials. In the case of metallic materials, corrosion sometimes accelerates the
fatigue failure, that is, corrosion fatigue. Therefore, the effect of testing environment
on fatigue strength should be also considered.

Currently, the main metallic materials for the implants are stainless steels, cobalt–
chromium alloys, and titanium alloys. Therefore, in this chapter, the mechanical
properties such as tensile properties and fatigue properties of stainless steels, cobalt–
chromium alloys, and titanium alloys in air and simulated body fluid are reviewed.

26.2 Tensile Properties in Air

Figure 26.1 shows the tensile properties of representative metallic materials for
biomedical applications [1]. In general, stainless steels tend to show high ductility,
while cobalt–chromium alloys tend to show high strengths among these materials.
However, the strengths of these materials are markedly increased by a combination
of fabrication processes and heat treatments. In particular, the tensile strength of the
20% cold-worked CP Ti grade 4 is close to that of Ti–6Al–4V, while that of
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Fig. 26.1 Tensile properties of representative titanium alloys, stainless steels, and cobalt–
chromium alloys for biomedical applications
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annealed CP Ti grade 4 is lower. The tensile strengths of the 20% cold-worked
stainless steel, hot-forged and warm-worked Co–Cr–Mo, cold-drawn Co–Cr–Mo–
Ni–Fe, and aged Ti–15Zr–4Nb–4Ta alloys are markedly higher than those under
the solution treated and annealed conditions. On the other hand, the elongation
values of the same materials decrease with an increase in their strengths.

26.3 Fatigue Properties in Air

Fatigue strengths of biomedical metallic materials including stainless steels, cobalt–
chromium alloys, and titanium alloys at 107 cycles tested in the air are shown in
Fig. 26.2 [2]. The fatigue strengths are scattered depending on factors such as the
fabrication process, microstructure type, and testing method. The fatigue strength of
bovine bone is around 30 MPa [3], and thus those of metallic materials tested in the
air are higher than that of bone. The fatigue strength of any metallic materials
fabricated by casting is generally lower than those fabricated by melting, and then
thermomechanical treatment. Among the titanium alloys, the fatigue strength of a +
b-type titanium alloys are higher than those of b-type titanium alloys. However, the
fatigue strength of b-type titanium alloys is drastically changed by heat treatment,
namely it is increased by aging. With regard to stainless steels and cobalt–chro-
mium alloys, cold working is effective to increase their fatigue strengths.

Fig. 26.2 Fatigue strengths of representative titanium alloys, stainless steels, and cobalt–
chromium alloys for biomedical applications tested in air
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26.4 Fatigue Crack Propagation in Air

In order to understand the fatigue behavior, it is necessary to make clear each
fatigue initiation and fatigue crack propagation. However, it is usually difficult to
detect the crack initiation experimentally. Therefore, the fatigue crack propagation
should be examined, and then estimate the fatigue initiation of the materials. When
the fatigue crack propagation is evaluated, both short and long crack propagation
should be considered because the trends in propagation rates of short and long crack
are not always similar.

With regards to short crack propagation, Fig. 26.3 shows the relationship
between the surface fatigue crack length, 2a, and the ratio of the number of cycles to
the number of cycles to failure, N/Nf, in Ti–6Al–7Nb and Ti–6Al–4V ELI with
equiaxed a structure [4]. The number of cycles required for the first observation of
an initial fatigue crack by optical microscopy is defined as the short fatigue crack
initiation life, 2a < 10 lm. The fraction of fatigue crack initiation life in the total
fatigue life that is equal to the number of failures is around 5% in Ti–6Al–7Nb and
around 20% in Ti–6Al–4V ELI. Assuming that the short fatigue crack initiation and
propagation life is the period for the surface crack to grow a length five times or less
than the size of primary a grain, they are around 50% of the total fatigue life in Ti–
6Al–7Nb and around 70% of it in Ti–6Al–4V ELI.

Figure 26.4 reveals the fatigue crack initiation site and propagation path in Ti–
6Al–7Nb with equiaxed a structure [4]. The fatigue crack in the equiaxed a
structure tends to initiate mainly at the primary a grain boundaries, while the crack
tends to propagate preferentially along the interface between the primary a and b
regions. On the other hand, Fig. 26.5 reveals the fatigue crack initiation site and
propagation path in Ti–6Al–4V ELI with Widmanstӓtten a structure [5]. In the

Fig. 26.3 Surface crack lengths in Ti–6Al–7Nb and Ti–6Al–4V ELI with equiaxed a structure
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Widmanstӓtten a structure of both alloys, the fatigue crack initiates at the very early
stage of the fatigue. After a few hundred cycles, the crack initiates and grows to a
length equal to the size of the a colony in the prior b grain and the crack propa-
gation is retarded at the colony boundary or at the prior b grain boundary. However,
the crack propagates in an unstable manner soon after passing through these
boundaries, and this ultimately results in specimen fracture. The arresting period of
the crack blocked at the a colony or b grain boundaries occupies more than 90% of
the total fatigue life in both alloys. Namely, the short fatigue crack propagation rate
of Widmanstӓtten a structure is generally higher than that in equiaxed a structure.

Fig. 26.4 Fatigue crack
initiation site and propagation
path in Ti–6Al–7Nb with
equiaxed a structure

Fig. 26.5 Fatuge crack
initiation site and propagation
path in Ti–6Al–4V ELI with
Widmanstӓtten a structure
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With regards to long crack propagation, Fig. 26.6 shows the relationship between
the fatigue crack propagation rate, da/dN, and the nominal cyclic stress intensity
factor, DK, or the effective cyclic stress intensity factor, DKeff, for Ti–6Al–4V ELI
with equiaxed a andWidmanstӓtten a structures and SUS316L obtained in the air [6].
The da/dN is plotted against DK in the following order, Ti–6Al–4V ELI with
Widmanstӓtten a structure � SUS316L � Ti–6Al–4V ELI with equiaxed a
structure. On the other hand, when da/dN is plotted against DKeff, the da/dN of
Ti-6Al–4V ELI with Widmanstӓtten a structure is still similar to that of SUS316L,
and further that of Ti–6Al–4V ELI with equiaxed a structure is the highest. However,
in this case, the differences in the long crack propagation rates among these materials
are relatively small. Therefore, the crack closure effect in Ti–6Al–4V ELI with
Widmanstӓtten a structure is greater than that in Ti–6Al–4V ELI with equiaxed a
structure. The main reason for this phenomenon is the large crack deflection in
Widmanstӓtten a structure [7]. Namely, the long fatigue crack propagation rate of
Widmanstӓtten a structure is generally lower than that in equiaxed a structure. This
fact is the opposite trend of short fatigue crack propagation rate of these materials.

26.5 Surface Substructure with Cyclic Loading
in Physiological Environment

The surface substructure of metallic materials in body fluid is composed of three
distinct layers; (1) a molecular absorbed layer, (2) the passive oxide film, and (3) the
deformed layer, as shown in Fig. 26.7 [8]. The molecular absorbed layer consists of

Fig. 26.6 Fatigue crack propagation rate as a function of nominal cyclic stress intensity factor
range or effective cyclic stress intensity factor for long cracks in Ti–6Al–4V ELI with equiaxed a
and Widmanstӓtten a structures and SUS316L in air
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growing tissue (cells) in contact with the physiological environment and the passive
layer on the surface of the metallic materials. The deformed layer arises from the
cyclic loadings that cause localized plastic deformation, forming the damage zone in
the microstructure of the metallic materials. Therefore, it is important to make clear
the effect of intrinsic microstructure of the metallic materials on an ability to with-
stand cyclic loadings without fatigue failure and the stability of passive film in
contact with the physiological environment during cyclic loading.

26.6 Fatigue Properties in Simulated Body Fluid

S–N curves of titanium alloy, Ti–6Al–4V ELI with equiaxed and Widmanstӓtten a
structures, and stainless steel, annealed SUS316L, tested in the air and Ringer’s
solution obtained from rotating bending fatigue is shown in Fig. 26.8 [9]. The
rotating bending fatigue strength of Ti–6Al–4V ELI with both structure in the air and
Ringer’s solution are equivalent. However, the fatigue strength of SUS316L
decreases in Ringer’s solution at relatively greater number of cycles to failure
compared to that in the air. It has been reported that the fatigue strength of Co–Cr–Mo
is also lower in Ringer’s solution compared to that in air, as shown in Fig. 26.9 [10].

The concentration of oxygen in the body fluid or muscle tissue except blood is
rather small. The fatigue strength of Ti–5Al–2.5Fe in Ringer’s solution with N2 gas,
leading to lower oxygen concentration in the solution, has been reported as shown
in Fig. 26.10 [9]. The fatigue strength of Ti–5Al–2.5Fe above 106 cycles decreases
in the Ringer’s solution with N2 than in usual Ringer’s solution.

Titanium alloys have greater corrosion resistance because the titanium oxide film
formed on the surface of alloys acts as an electrochemically passive film. The

Fig. 26.7 Schematic drawing of the surface substructure of metallic materials in the physiological
environment
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fracture of the passive film is highly possible when the bending stress is loaded on
the specimen, even if the specimen itself is not fractured. The fracture of the
specimen by corrosion fatigue is accelerated in the Ringer’s solution with lower
oxygen content by N2 gas because the fractured oxide film is difficult to be formed
again under such the low oxygen concentration condition. The corrosion fatigue is
likely to occur in such an environment when the immersing time of the specimen in
the Ringer’s solution is longer (a greater number of cycles).

26.7 Fatigue Crack Propagation in Simulated Body Fluid

Figure 26.11 shows the relationship between da/dN and DK for Ti–6Al–4V ELI
with Widmanstӓtten a structures and Ti–5Al–2.5Fe with (equiaxed a + fine pre-
cipitated a) structure in air and Ringer’s solution [11]. The long fatigue crack
propagation rates of both materials in Ringer’s solution are higher than those in the
air. However, it has been reported that, when da/dN was plotted against DKeff, the
long fatigue crack propagation rates of these materials in Ringer’s solution is
similar to that in the air. It reveals that the clack closure effect reduces in Ringer’s
solution because the number of secondary cracks and the roughness of fatigue
fracture surface in Ringer’s solution are smaller than those in the air, suggesting that
the fatigue fracture surface corrodes and dissolves in Ringer’s solution.

Figure 26.12 shows the relationship between da/dN and DK for SUS316L in air
and Ringer’s solution [12]. The decrease in da/dN with increasing DK may be
related to the secondary cracking that occurred along striations. The authors found
that above DK = 30 MPa m1/2 a fully developed striation appearance formed across
the fracture surface and the striation spacing increased with stress intensity.
Consequently, the opening up of a fatigue crack along the base of striations sug-
gests that changes took place during the reversed plastic flow. As a result, the shape
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of the fatigue cracks was altered, as was the morphology of the striations, leading to
a decrease in the crack growth rate. This analysis was supported by SEM images of
the fractured surfaces.

26.8 Fatigue Properties of Medical Device

Recently, newly developed b-type titanium alloys are tried to be utilized for actual
medical devices. For example, Ti–29Nb–13Ta–4.6Zr (TNTZ) is applied to spinal
fixation devices. Testing of the spinal fixation device assemblies was based on a
simulated vertebrectomy model using a large gap between two UHMWPE test
blocks based on ASTM-F1717 as shown in Fig. 26.13 [13]. The ASTM-F1717
specification is the standard testing method used to evaluate the mechanical per-
formance of spinal fixation devices. The UHMWPE test blocks are designed to
minimize the effects of the variability of bone properties and morphometry. In this
case, the ASTM-F1717 fatigue tests were conducted with rods made of Ti–29Nb–
13Ta–4.6Zr (TNTZ) with oxygen contents of 0.06 mass% (06O) and 0.89 mass%
(89O) and Ti–6Al–4V ELI (Ti64) as comparison in both air and saline solution.
There is almost no difference in fatigue strength between in air and saline solution
for both alloys, and further the fatigue strength increases in the order of 06O < 89O
< Ti64 in both air and saline solution as shown in Fig. 26.14 [13]. These results

Fig. 26.11 Fatigue crack propagation rate as a function of nominal cyclic stress intensity factor
range for long cracks in Ti–6Al–4V ELI with Widmanstӓtten a structure and Ti–5Al–2.5Fe with
(equiaxed a + fine precipitated a) structure in air and Ringer’s solution
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indicate that effect of saline solution on the fatigue strength of both titanium alloys
can be ignored for this device, and then the solid solution strengthening by oxygen
addition is effective to improve the mechanical reliability of the device made of
TNTZ.

Fig. 26.12 Fatigue crack propagation rate as a function of nominal cyclic stress intensity factor
range for long cracks in SUS316L in air and Ringer’s solution
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Fig. 26.13 Specification of experimental setup according to ASTM-F1717 model

Fig. 26.14 Compressive fatigue test results for Ti-based spinal constructs containing Ti64, 06O,
and 89O rods using an ASTM-F1717 model, in a air and b saline solution
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Chapter 27
Chemical Properties of Bio-medical
Materials

Yusuke Tsutsumi

Abstract In biomedical materials, chemical properties are as important as
mechanical properties. None of these materials can avoid deterioration by chemical
reaction in a living body owing to various physiological factors. In this chapter,
corrosion reaction, which is a primary process of deterioration in metallic bioma-
terials, is discussed. First, several important factors that influence the corrosion
reactions of metallic biomaterials in actual environments are introduced. In the
latter part of this chapter, representative methods for evaluating corrosion reactions
of metallic biomaterials that are frequently used in the biomedical material research
field are introduced. The principles, procedures, and examples of experimental
results of these testing methods based on both electrochemical and
non-electrochemical systems are explained.

Keywords Corrosion � Biosafety � Metal allergy � Electrochemical
measurements � Corrosion resistance

27.1 Introduction

When designing biomedical materials, we must be careful about not only their
mechanical properties but also their chemical properties. The deterioration of
biomedical materials is one of the most important factors in the living body. None
of these materials can avoid deteriorating under severe practical conditions. Implant
materials are often used for a long time in vivo, and the problems owing to dete-
rioration reactions often cause serious problems. Although there are exceptions of
biodegradable materials such as poly-L-lactic acid, magnesium, and magnesium
alloys, most biomedical materials are designed to avoid reacting with the physio-
logical environment.
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However, problems owing to the deterioration of implant devices have not been
completely solved. For example, Tomizawa et al. reported on the deterioration of
stainless steel sternal wires at 22 and 30 years after implantation [1]. Akazawa et al.
reported on the apparent volume loss in posterior instrumentation rods made of
316L stainless steel [2]. Heintz et al. reported on severe corrosion pits and partial
fractures in Ni–Ti alloy in an aortic stent graft [3]. Dobbs et al. reported on fractures
of an artificial hip joint made of Ti alloy [4]. These cases are caused by deterioration
reactions during the implantation period. In the case of metallic materials, the
problem was caused by corrosion reactions. Corrosion reactions are unavoidable for
metallic biomaterials. They finally cause not only degradation or fractures in
devices, but they also cause serious harm to living tissue. In particular, the release
of metal ions as a result of a corrosion reaction is known to cause metal allergies
[5–7].

Nevertheless, metallic biomaterials are still commonly used as biomedical
materials in the fields of orthopedics, cardiovascular, and dentistry because of their
superior mechanical properties: an excellent combination of strength and ductility,
resulting in high fracture toughness that cannot be replicated by using other
materials.

This chapter focuses on the corrosion reaction of metallic biomaterials. Typical
evaluation methods of electrochemical and non-electrochemical techniques are
introduced.

27.2 Evaluation of Corrosion Behavior

27.2.1 Testing Environment

An actual body is a complicated environment with many factors that influence
corrosion reactions in metallic biomaterials. Each factor must be carefully con-
sidered to precisely predict the corrosion reaction. If the critical factors that influ-
ence corrosion reactions in an actual environment are not accurately reproduced
under testing conditions, unexpected corrosion and metal-ion release may occur.
Table 27.1 shows typical testing solutions for corrosion evaluation. The following
sections introduce some important factors that influence the corrosion behavior of
metallic biomaterials in a living body.

27.2.1.1 Temperature and pH

Most living organisms have homeostasis. In the case of human, body temperature is
maintained at approximately 310 K. The pH of body fluid is also kept near neutral
by the buffering functions of phosphoric acid, carbonic acid, and some types of
amino acids and proteins. However, the pH near the material surface exhibits a
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weak acidic condition owing to an inflammatory reaction after the implantation of a
device. This can continue for a maximum of several months [10]. In addition, both
temperature and pH and conditions in the oral cavity are easily changed by the
intake of foods and beverages. The oral bacterial metabolism also causes acidifi-
cation [11, 12].

27.2.1.2 Concentration of Dissolved Oxygen

The concentration of dissolved oxygen in the solution directly influences the fol-
lowing cathodic reaction:

O2 þ 2H2O þ 4e� ! 4OH�

Furthermore, dissolved oxygen is used in the formation, breakdown, and repair
of passive film. In the case of general corrosion testing, open-air (7–9 ppm) or
completely deaerated (0 ppm) conditions are often used. However, the dissolved
oxygen concentration in vivo is reported to be approximately one-fourth to
one-twentieth of the open-air condition [13]. To reproduce this low-oxygen envi-
ronment, exact control over the deaeration time or adjustments to the deaerating gas
composition are required. When the testing solution includes carbonate or bicar-
bonate ions, the drifting of the pH by deaeration should be also considered.

Table 27.1 Typical testing solutions for corrosion-resistant evaluation of metallic biomaterials

Generic term Characteristics

Physiological saline The simplest composition (0.9% NaCl aq.) Isotonic for
extracellular fluid

Phosphate buffered saline (PBS) Relatively strong buffering capacity (pH: around 7.4)

Ringer solution NaCl with K+ and Ca2+ Isotonic for extracellular fluid

Hanks’ solution/Hanks’ balanced
salt solution (HBSS)

NaCl with K+, Mg2+, Ca2+, PO4
3−, CO2

2−, and glucose
simulating extracellular fluid

(Kokubo’s) simulated body fluid
(SBF) [8]

NaCl with K+, Mg2+, Ca2+, PO4
3−, CO2

2− Relatively
higher concentration of Ca2+ simulating blood plasma

Artificial saliva NaCl with other inorganic ions, organic components
several types with different compositions (Typical
composition: Fusayama et al. [9])

Cell culturing media: minimum
essential medium (MEM)

NaCl with other inorganic ions, organic components
several types with different compositions

Cell culturing media: MEM with
serum

Serum: blood without hemocytes or clotting factors
abundant nutrients
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27.2.1.3 Inorganic Components

Chloride ions make up approximately 0.1 mol L−1 of body fluids. The chloride ion
is well-known as a major factor that promotes corrosion reactions in various
metallic materials. Generally, in corrosion protection, it is effective to prevent
corrosion by interrupting any contact with a solution that includes chloride ions or
other aggressive components. However, this environmental corrosion control is not
applicable to biomedical materials.

When a testing solution contains both calcium ions and phosphorous ions, a
spontaneous reaction of calcium phosphate precipitation on a metal surface may
influence the corrosion reaction. Figure 27.1 shows differences in the corrosion
behavior of Ti immersed in two types of testing solutions: Hanks’ solution (which
contains calcium and phosphorous ions) and physiological saline (0.9% NaCl aq.).
The increase in the impedance at the lowest frequency of 10 mHz indicates a
suppression of the corrosion reaction. This derives from calcium phosphate pre-
cipitation on the Ti surface during immersion in Hanks’ solution.

27.2.1.4 Organic Components

Amino acids and proteins included in body fluids also react with metal surfaces.
These organic components contain carboxyl, amino, and thiol groups, and they
influence corrosion reactions by adsorption on the metal surface or by metal-ion
complexing [14, 15]. The organic components that adsorb to a metal surface
fluctuate as a result of substitution reactions. The adsorption period depends on the
molecular size: small molecules adsorb earlier than large ones (Vroman effect) [16].
Thus, time dependence should be a concern when corrosion tests are performed
with solutions that contain multiple organic components.

Fig. 27.1 Difference in
corrosion behavior of Ti
immersed in Hanks’ solution
and physiological saline.
electrochemical impedance
spectroscopy (EIS) was
performed to monitor the
corrosion rates of Ti in
different simulated body
fluids
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27.2.2 Corrosion Evaluation Techniques

27.2.2.1 Dissolution Test

In general metallic materials, corrosion resistance is often evaluated by surface
observation or weight-loss measurement after exposing the material in the testing
environment for a certain period. However, these methods are not applicable to
metallic biomaterials because all of them, except for biodegradable materials, show
excellent corrosion resistance even in severe biological environments. Therefore, it
is necessary to use high-sensitivity equipment to detect the signatures of slight
corrosion reactions. With regard to the abovementioned simple corrosion testing
methods, a dissolution test is performed by exposing the material to a testing
environment for a certain period. The metal ions released into the testing solution
are detected. Inductively coupled plasma spectroscopy (ICP-AES, ICP-MS) or
atomic absorption spectroscopy (AAS) are used for this test.

Before starting a dissolution test, the following elaborate preparation step is
necessary. All apparatus and glassware for preparation of the specimens and
solutions should be thoroughly washed in acid or alkali to completely remove any
contaminants. The testing container should be chemical resistant, airtight, and of the
proper shape to minimize the area of contact points with the specimen. Glass
containers should not be used because released metal ions may adsorb on the
internal wall of the container and result in the underestimation of the corrosion
degree. A testing solution of a constant volume is poured into the container together
with the specimen. A testing container filled with only the testing solution is also
prepared as a control. By using this control, measurement errors derived from the
contaminants in the container or from impurity elements included in the reagents
can be balanced out. After the immersion period, the specimen is carefully removed
from the container to avoid contaminating the solution. The concentrations of the
released metal ions are measured with ICP or AAS. The mean corrosion rate
r during the immersion period can be calculated by the following equation:

r ¼ VðC � C0Þ =At

where V is the solution volume, C is the concentration of metal ions in the testing
solution, C0 is the concentration of metal ions in the control solution, A is the entire
area of the specimen surface, and t is the immersion period.

An example of a dissolution test is shown in Fig. 27.2 [17]. One of the
advantages of dissolution tests among other corrosion tests is the differential
analysis for each element. From this figure, the amounts of released metal ions
strongly depend on the alloy composition. The metal ion concentrations are often
too small to detect even when ICP or AAS are used for corrosion-resistant alloys. In
that case, the application of accelerated body fluid for rapid testing [18] may be
useful. This fluid has higher concentrations of chloride ions or a lower pH than
those in typical fluids.
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27.2.2.2 Open-Circuit Potential and Anodic Polarization Tests

Before explaining the testing methods used in this section, a fundamental electro-
chemical subtopic should be introduced. All corrosion reactions of metals can be
represented by the following simple electrochemical reaction:

M ! Mnþ þ ne�

where M is the type of metal, and n is the valence of the metal ion. A metal atom
loses several electrons to form a metal ion. This electrochemical reaction to release
electrons results in an anode. Unlike chemical reactions which have no involvement
in electron transfer, electrochemical reactions can be controlled by externally
applied electric fields. The application of a positive potential accelerates the cor-
rosion reaction, while the application of negative potential inhibits the corrosion
reaction.

An anodic polarization test, which is also called linear sweep voltammetry or
potentiodynamic polarization test, is an electrochemical method that applies a
positive potential to the testing metals. Information in the form of potential and
current from an anodic polarization test can be utilized in a polarization curve to
clarify the differences between the corrosion behaviors of metallic biomaterials that
have high corrosion resistance.

Figure 27.3 shows a schematic of an experimental setup for electrochemical
measurement, including an anodic polarization test. A working electrode (W.E.) is a
testing specimen connected with a lead wire. The working electrode should be
insulated except for the part of the specimen surface that is exposed to the testing
environment. A counter electrode (C.E.) is used for current loop formation to
control the corrosion reaction by an external potential. However, this electrode
reaction should not be concerned with the focused corrosion reaction that takes

Fig. 27.2 Amounts of released metal ions from Ti-33.5Nb-5.7Ta alloy, commercially pure Ti
(Grade 2), Ti-50.8at.%Ni superelastic alloy, and type-316L stainless steel after immersion in
accelerated body fluid for rapid testing (5.85 gL−1 NaCl and 10.0 gL−1 lactic acid, pH: 2.3,
aerated) at 310 K for 7 d (N = 3). Reprinted with permission from Ref. [17]. Copyright 2012 The
Electrochemical Society

404 Y. Tsutsumi



place on the W.E. Therefore, highly stable and electroconductive materials such as
platinum or carbon are often used as a C.E. A reference electrode (R.E.) is used as
an absolute indicator to show the net potential applied to the W.E. A standard
electrode potential of zero is defined by the following equilibrium reaction under
standard conditions:

Hþ þ e� � 1=2H2

The electrode that maintains the above reaction is called a standard hydrogen
electrode (SHE). Unfortunately, this electrode has disadvantages in safety, cost, and
handling. Therefore, alternative electrodes are used as R.E.s. Table 27.2 shows
typical electrodes and their potential differences with regard to the SHE.

Although different types of R.E. are used, it is possible to compare them under
the same conditions by converting the measured potential to a calculated potential
and comparing this to the SHE. It should be noted that the potential of an R.E. shifts
according to the concentration of solution inside the electrode. If an R.E. seems to
be aging, its internal solution should be refreshed, followed by a potential check
using a reliable R.E.

An anodic polarization test will be often performed after three electrodes
are immersed in a test solution, followed by an open-circuit potential (OCP)
measurement with a potentiostat. OCP, also called the corrosion potential, natural
potential, or rest potential, is simply measured as the potential between the

Fig. 27.3 Schematic of
three-electrode
electrochemical measurement
system. Reference electrode
sometimes separated by a salt
bridge or porous ceramic plate
to avoid contamination of
chloride ions into the testing
solution

Table 27.2 Typical reference electrodes for practical usage

Name Electrochemical
constitution

Potential/V versus
SHE (at 25 °C)

Abbreviation

Standard hydrogen
electrode

Pt–Pt|H2|HCl
(Standard condition)

0.000 SHE

Standard silver–silver
chloride electrode

Ag|AgCl|KCl
(Saturated)

0.196 Ag/AgCl

Ag|AgCl|KCl
(3.33 mol L−1)

0.206

Saturated calomel
electrode

Hg|Hg2Cl2|KCl
(Saturated)

0.244 SCE

Hg|Hg2Cl2|KCl
(1.00 mol L−1)

0.280
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W.E. and R.E. On the other hand, the C.E. is disconnected from a current circuit
that can apply an external potential. Therefore, in this situation, the corrosion
system is completely undisturbed because the electrometer for monitoring the OCP
has an extremely high impedance.

The OCP value represents the condition of the corrosion reaction that took place
on the W.E., which shifts as a result of both anodic and cathodic reactions. If there
is no change in the exposed environment over time—in other words, the cathodic
reaction does not change during the measurement period—the potential shift toward
a positive value indicates the suppression of the corrosion reaction, and vice versa.
For corrosion-resistant alloys such as metallic biomaterials, monitoring the OCP
during a long-term immersion may be possible. This allows for the evaluation of the
stabilization process of the passive film, or the occurrence of localized corrosion on
the tested specimen [18, 19].

After the OCP is measured for a sufficient period, an anodic polarization test can
be started from the initial potential, which is often set to be the same as the final
value of the OCP or negative potential than that. A gradient anodic potential is
applied at a constant sweep rate that is as small as possible because interference
current unrelated to the corrosion reaction is not ignorable at a larger sweep rate.
Generally, 20-mV min−1 or 1-mV s−1 (60-mV min−1) conditions are preferred.

Polarization curves that plot the potential and the logarithmic absolute current
density as a result of the anodic polarization test are shown in Fig. 27.4. Unlike
common cases shown in other textbooks, a current peak just after the positive
overpotential is rarely observed for most of the metallic biomaterials because they
spontaneously form passive film and have already finished passivation before the
test is conducted. Thus, only the current plateau is observed from the initial stage of
the test. The value of the current density at this stage is called a passive current
density, which represents the difficulty of mass transfer through the passive film.
A small passive current density means that the passive film on the tested metal is

Fig. 27.4 Model of
polarization curves of metallic
biomaterials in simulated
body fluids
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protective and that few resulting metal ions are released. When the applied potential
increases, the electrochemical driving force for the corrosion reaction drastically
increases at an exponential rate. If part of the passive film is broken down, an
abrupt increase in the current density is observed. This phenomenon is defined as
localized corrosion.

Localized corrosion is a generic term that includes pitting corrosion and crevice
corrosion. Alternatively, a relatively sedate but inevasible increase in the current
density may be observed, indicating that the entire passive film may be dissolving.
This phenomenon is defined as transpassive state caused by active dissolution of the
main component of the passive film. This occurs because the potential borderline
between oxide/hydroxide and an ion in a Pourbaix diagram has been exceeded [20].
Current from a following O2 gas evolution,

H2O ! 1=2O2 þ 2Hþ þ 2e�;

which is independent from the corrosion reaction, may be overlapped around a
higher applied potential range. Observation of the specimen surface by the naked
eye during the test is valuable for recognizing the evolution of O2 gas. Microscopic
observation after the test is recommended to distinguish the type of corrosion as
either localized corrosion or transpassive corrosion. A reverse potential scan in the
negative direction after a sufficient current increase can be also useful. An apparent
histolysis loop in the resulting polarization curve is derived from the localized
corrosion because the reaction is not immediately suppressed until repassivation
occurs at a certain potential drop. A higher pitting potential or transpassive potential
indicates that the passive film on the tested metal is stable and reliable against
unexpected corrosion.

Typical examples of polarization curves for metallic biomaterials are shown in
Fig. 27.5 [17]. Ti and Ti alloys maintain a passive state. On the other hand, a Ti–Ni
alloy exhibits transpassive corrosion from 1.4 VSCE owing to the selective disso-
lution of Ni. Type-316L stainless steel suffers from localized corrosion at an early
stage of the test. It can be concluded that Ti and its alloys have excellent resistance
against localized corrosion because they have little sensitivity to chloride ions [21].

Thus, the anodic polarization test is quite useful in evaluating corrosion resis-
tance, especially in passive metals such as metallic biomaterials. It should be noted
that anodic polarization is a type of stress test that promotes corrosion reactions by
electrical bias. The tested specimen should be replaced for each measurement.

27.2.2.3 Electrochemical Impedance Spectroscopy

Electrochemical Impedance Spectroscopy (EIS) is an electrochemical test method
that enables the monitoring of corrosion behavior. Several electrical parameters
involved in a corrosion reaction, including the corrosion rate, can be determined by
analyzing the data from an EIS measurement. EIS has another advantage: it is a
nondestructive technique and can measure continuously. Its experimental setup is
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almost the same as the common one for an anodic polarization test, as shown in
Fig. 27.3, except for an additional piece of equipment: a frequency response ana-
lyzer (FRA). An alternating potential with a tiny amplitude is applied to the W.E.,
and the impedance and phase shift of the current signal as a response are analyzed
by the FRA.

The frequency of the applied potential is widely modulated on the order of
megahertz to millihertz. After creating an equivalent circuit model that properly
represents the tested corrosion system, each parameter is calculated by a
curve-fitting process. Figure 27.6 shows the simplest equivalent circuit model of a
corrosion system composed of a charge-transfer resistance Rct, electric double-layer
capacitance Cdl, and solution resistance Rsol. The corrosion rate is proportional to
the reciprocal of Rct. Thus, continuous corrosion-rate monitoring is achieved by
EIS. Figure 27.7 shows an example of a long-term EIS measurement of a Ti alloy
in accelerated body fluid for rapid testing [17]. The corrosion rate of the Ti alloy
keeps decreasing over a period of 15 d after immersion in the test solution. This is
mainly a result of the growth and reconstruction of the passive film.

Fig. 27.5 Polarization curves of Ti-33.5Nb-5.7Ta alloy, commercially pure Ti (Grade 2),
Ti-50.8at.%Ni superelastic alloy, and type-316L stainless steel in an accelerated body fluid for
rapid testing (5.85 gL−1 NaCl and 10.0 gL−1 lactic acid, aerated, pH: 2.3, aerated) at 310 K.
Reprinted with permission from Ref. [17]. Copyright 2012 The Electrochemical Society

408 Y. Tsutsumi



27.3 Summary

The term “corrosion resistance” is ambiguous because it is often used without
defining the environment in which the materials are exposed. Corrosion behavior is
determined not only by the testing materials involved but also by the exposure
environment, including any lapses in the time period. Experimental results among
various testing methods may exhibit different tendencies because specific corrosion
events are also different. The result of an anodic polarization test mainly indicates
the stability and reliability of the passive state under a condition of electrical stress.
On the other hand, the result from a dissolution test indicates the total amount of
released metal ions as a result of overall corrosion reactions. In this sense, inves-
tigating the corrosion resistance of metallic biomaterials by using only a single
testing method must be insufficient. To ensure the biosafety of the testing materials,
a multifaceted investigation of corrosion behavior, based on the results from several
testing methods in properly simulated environments, is necessary.

Fig. 27.6 Simplest equivalent circuit model of corrosion system for curve fitting of EIS analysis.
Other electrical parameters are added in accordance with actual conditions

Fig. 27.7 Change in corrosion rate of Ti-33.5Nb-5.7Ta alloy during immersion in accelerated
body fluid for rapid testing (5.85 gL−1 NaCl and 10.0 gL−1 lactic acid, pH: 2.3, aerated) at 310 K.
Reprinted with permission from Ref. [17]. Copyright 2012 The Electrochemical Society
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Chapter 28
Biological Properties of Biomedical
Materials

Miho Nakamura

Abstract Biocompatibility and cytocompatibility are explained in the beginning of
this section. This section provides a clear presentation of practical methods for
in vitro biological evaluations of medical devices. Also, this section takes into
consideration the mechanisms of cell behaviors including cell adhesion, prolifera-
tion, and differentiation on biomaterial surfaces.

Keywords Biocompatibility � Cytocompatibility � Cell adhesion �
Cell proliferation � Cell differentiation � Surface characteristics of biomaterials

28.1 Biocompatibility

Biomaterials are used in contact with biological molecules, cells, tissues, and
organs in the human body. The implantation of the biomaterials into living body
induces biological reactions such as foreign body and toxic responses. The former
is triggered by the interactions between biomaterials and surrounding tissues.
Complement activation, blood coagulation, platelet thrombosis, and phagocytosis
are categorized as the early stage of foreign body response. Encapsulation, hyper-
plastic scar tissue, and ectopic calcification are categorized as the late stage of
foreign body response. The latter occurred with the release of metallic ions and
toxic components. Fever, inflammation, hemolysis, tumor, and necrosis are cate-
gorized as toxic response. Biomaterials should not be toxic. Since the nontoxic
requirement is the norm, toxicology for biomaterials has evolved into a sophisti-
cated science.

Biocompatibility is defined with “the ability of a material to perform with an
appropriate host response in a specific application” (1986, European Society of
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Biomaterials Consensus Conference). The purpose of biocompatibility evaluation is
to determine the fitness and adequacy of devices for human use and to see whether
the use of the device can have any potentially harmful biological reactions. Since
the material should be nontoxic to perform with an appropriate host response,
which having a biomaterial interface with human body are required to perform
particular physiological functions. An understanding of how a foreign object alters
the normal inflammatory reaction sequence remains an important concern.

Biocompatibility examination and evaluation of medical devices are performed
to determine the potential toxicity resulting from contact of the device with body.
The device materials should not either directly or through the release of their
material constituents profuse any local or systemic adverse effects, be carcinogenic,
produce adverse reproductive and/or developmental effects.

To percent inadequate biomaterials from coming on the market, most nations of
the world have medical device regulatory bodies. In addition, the international
standards organization (ISO) has introduced international standards for the world
community. The starting point for understanding biocompatibility requirements is
ISO standard 10993, biological evaluation of medical devices. According to the ISO
website (https://www.iso.org/obp/ui/#iso:std:44908:en), ISO 10993 consists of the
following parts, under the general title “biological evaluation of medical devices”:

– Part 1: Evaluation and testing within a risk management process
– Part 2: Animal welfare requirements
– Part 3: Tests for genotoxicity, carcinogenicity and reproductive toxicity
– Part 4: Selection of tests for interactions with blood
– Part 5: Tests for in vitro cytotoxicity
– Part 6: Tests for local effects after implantation
– Part 7: Ethylene oxide sterilization residuals
– Part 8: Selection and qualification of reference materials for biological tests
– Part 9: Framework for identification and quantification of potential degradation

products
– Part 10: Tests for irritation and skin sensitization
– Part 11: Tests for systemic toxicity
– Part 12: Sample preparation and reference materials
– Part 13: Identification and quantification of degradation products from poly-

meric medical devices
– Part 14: Identification and quantification of degradation products from ceramics
– Part 15: Identification and quantification of degradation products from metals

and alloys
– Part 16: Toxicokinetic study design for degradation products and leachables
– Part 17: Establishment of allowable limits for leachable substances
– Part 18: Chemical characterization of materials
– Part 19: Physicochemical, morphological and topographical characterization of

materials (Technical Specification)
– Part 20: Principles and methods for immunotoxicology testing of medical

devices (Technical Specification).
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Part 1 of the standard is the guidance on selection of tests, part 2 covers animal
welfare requirements, and part 3 through 20 are guidelines for specific test pro-
cedures or other testing related issues.

28.2 Cytocompatibility

Cytocompatibility evaluations are required in all types of medical devices.
Cytocompatibility tests involve the exposure of substances extracted from test
material to cell culture lines. Cell cultures are extremely sensitive to minute
quantities of leachable chemicals and readily display characteristic signs of toxicity
in the presence of potentially harmful leachables. The tests are frequently used
during product planning stages to qualify the use of a material and as a periodic
check for routinely used materials to ensure that no shift in quality has occurred.

Typical cytocompatibility testing programs will utilize the ISO test method to
meet international regulatory requirements. The screening test method can be
performed to characterize materials or to evaluate new materials against established
ones. There are three cytocompatibility evaluation tests commonly used for medical
devices.

(a) Direct contact

In the direct contact method, a piece of test material is placed directly onto cells
growing on culture medium. The cells are then incubated. During incubation,
leachable chemicals in the test material can diffuse into the culture medium and
contact the cell layer. Reactivity of the test sample is indicated by malformation,
degeneration, and lysis of cells around the test material.

(b) Indirect contact

In the indirect contact method, a thin layer of nutrient-supplemented agar is placed
over the cultured cells. The test material (or an extract of the test material dried on
filter paper) is placed on top of the agar layer, and the cells are incubated. A zone of
malformed, degenerative or lysed cells under and around the test material indicates
cytotoxicity.

(c) Test on extract

Extracts can be titrated to yield a semiquantitative measurement of cytotoxicity.
After preparation, the extracts are transferred onto a layer of cells and incubated.
Following incubation, the cells are examined microscopically for malformation,
degeneration, and lysis of the cells.

There also exists specific quantitative tests. The following two quantitative
cytocompatibility evaluation tests have been internationally recognized for chem-
icals and medical devices:
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(d) MTT assay

The MTT cytocompatibility test measures the viability of cells by spectrophoto-
metric methods. This measures the reduction of the yellow, water-soluble MTT
(3-4,5 dimethyl-thiazol-2-yl)-(2,5-diphenyl tetrazolium bromide) by mitochondrial
succinate dehydrogenase. A minimum of four concentrations of the test material is
tested. This biochemical reaction is only catalyzed by living cells.

(e) Cell adhesion test

The colony formation cytocompatibility test enumerates the number of colonies
formed after exposing them to the test material at different concentrations. This is a
very sensitive test since the colony formation is assessed while the cells are in a
state of proliferation (logarithmic phase), and thus more susceptible to toxic effects.
A concentration dependence curve evaluating the induced inhibition of the test
material can be created, and the IC50 value (concentration of the test material that
provides 50% inhibition) can be calculated. The quantitative tests can be performed
on extracts and by direct contact.

28.3 Mechanisms of Cell Behaviors on Biomaterials

In general, cells were affected by (1) contact with cells and antibodies, (2) growth
factors, (3) hormone and (4) contact with extracellular matrix (ECM) (Fig. 28.1).
These signals make cells responses; proliferation, differentiation, quiescence (G0

phase in cell cycle), aging or apoptosis (Fig. 28.2). Contact with biomaterial sur-
faces is one of the signals to affect cell behaviors. In general understanding
(Fig. 28.3), cells migrate to the surface of the biomaterials, attach and adhere. If the
biomaterial surface is compatible and not toxic, cells spread and changes the
morphology to a flat shape. Then cells migrate and make some colonies, proliferate
and differentiate to mature cells to make extracellular matrix.

Adhesion of cells to biomaterial surfaces plays an important role in the regu-
lation of the subsequent differentiation following spreading and migration. Cell

Fig. 28.1 Signals that can
have effects on cell behaviors;
(1) contact with cells and
antibodies, (2) growth factors,
(3) hormone and (4) contact
with extracellular matrix
(ECM)
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attachment and adhesion are affected by the surface characteristics, including the
topography, constituent elements, functional group, wettability, surface free energy,
surface roughness, and surface crystallinity (Fig. 28.4).

The effects of surface characteristics of biomaterials can be evaluated by cell
morphology (Fig. 28.5). During the process of cell adhesion, a cell undergoes
attachment, spreading and then formation of stress fibers and focal adhesions. The
adhesive strength increases with each stage of cell adhesion. Cells adhere to the
biomaterial surfaces through focal adhesion, which is large and dynamic protein

Fig. 28.2 Responces of the cells to signals

Fig. 28.3 Cell behaviors on biomaterial surface. Cells migrate to the surface of the biomaterials,
attach and adhere. If the biomaterial surface is compatible and not toxic, cells spread, and changes
the morphology to a flat shape. Then cells migrate and make some colonies, proliferate and
differentiate to mature cells to make extracellular matrix

Fig. 28.4 Effective factors on cell behaviors. Cell attachment and adhesion are affected by the
surface characteristics, including the topography, constituent elements, functional group,
wettability, surface free energy, surface roughness, and surface crystallinity

28 Biological Properties of Biomedical Materials 415



complexes. Focal adhesions connect of cellular cytoskeleton and extracellular
matrix and include some proteins such as vinculin and actin. Based on the cell
morphology, the parameters for the evaluation of cell adhesion are proposed; cat-
egorization of the cell morphology, the cell area and the number of focal adhesions.

From fluorescent photographs of actin staining, the cell morphology was cate-
gorized into three types; round, semi-spread and well-spread cells (Fig. 28.6b).
Round cells show the cells just attached with spherical shape. Semi-spread cells

Fig. 28.5 During the process of cell adhesion, a cell undergoes attachment, spreading, and then
formation of stress fibers and focal adhesions. The adhesive strength increases with each stage of
cell adhesion. Cells adhere to the biomaterial surfaces through focal adhesion, which is large and
dynamic protein complexes

Fig. 28.6 a Cell evaluations based on the cell morphology. The parameters for the evaluation of
cell adhesion are proposed; b categorization of the cell morphology, c the cell area and d the
number of focal adhesions
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show the cells slightly spread with no stress fiber. Well-spread cells show the cells
with stress fiber. Second parameter, cell area is shown by the measurement of
actin-positive areas (Fig. 28.6c). The bigger actin area shows the surface is com-
patible for the cells. From the fluorescent photographs of actin staining, the cell
areas are measured to quantify how the cells spread. Third parameter, the number of
focal adhesions is shown by the count of vinculin positive dots structure in cyto-
plasm (Fig. 28.6d). More vinculin dots show the surface is compatible for the cells.
From the photographs of vinculin staining, the number of focal adhesions is counted
to quantify how many focal adhesions are there at the contact points between cells
and biomaterial surfaces.

Cell proliferation depends on cell adhesion. Eukaryotic cells except for hema-
tocytes can proliferate through mitotic phase in cell cycle when they adhere and
spread on substrates. For instance, the cells cultured in agarose gels can not pro-
liferate because they have no receptors for agarose. The cells cultured in collagen
gels can proliferate with growth factors because they make connections of integrin
with collagen fibrils. In another example, the rate of the cells to start S phase (DNA
synthesis) in cell cycle increase with increasing the area of cell adhesion
(Fig. 28.7). The rate to start DNA synthesis was 8% in the cells cultured in agarose,
30% in the cells cultured on smaller adhesive areas and 90% in the cells cultured on
larger adhesive areas.

Cells have sensors for mechano-stimulation in extracellular matrix. Discher DE
et al. found that fibroblasts cultured on polyacrylamide gels showed round shape on
soft gels and made stress fibers on solid gels [1]. Engler A et al. found that
mesenchymal stem cells (MSCs) derived from mouse bone marrow specify lineage
and commit to phenotypes with extreme sensitivity to tissue level elasticity [2].
MSCs cultured on polyacrylamide gels differentiated into neurogenic cells on the
soft gels, myogenic cells on the moderately stiff matrices and osteogenic cells on
the stiffest matrices.

Fig. 28.7 The rate of the cells to start S phase (DNA synthesis) in cell cycle increase with
increasing the area of cell adhesion. The rate to start DNA synthesis was 8% in the cells cultured in
agarose, 30% in the cells cultured on smaller adhesive areas and 90% in the cells cultured on larger
adhesive areas
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28.4 Evaluations of Cellular Functions

The in vitro methods were established to evaluate the cell functions of each cell
type such as cell migration, cytotoxicity, and differentiation. Cell migration is
initiated by a stimulation that activates a set of signaling pathways leading to
cellular polarization and a rapid reorganization of cytoskeleton molecules such as
actin filaments. Cell migration is evaluated by wound healing assay and
chemotaxis/boyden chamber/transwell assay using transwell membrane filter. In
wound healing assay (Fig. 28.8), the basic steps involve creating a “wound” in a
cell monolayer, capturing the images at the beginning and at regular intervals
during cell migration to close the wound, and comparing the image to quantify the
migration rate of the cells. In transwell membrane assay (Fig. 28.9), cells are placed
in the upper compartment and are allowed to migrate through the pores of the
membrane into the lower compartment. After an appropriate incubation time, the
membrane between the two compartments is fixed and stained, and the number of
cells that have migrated to the lower side of the membrane is counted.

Fig. 28.8 Illustration of wound healing assay to evaluate cell migration
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Cytotoxicity assays are widely used in vitro toxicology studies. LDH
leakage assay, neutral red assay, and MTT (3-[4,5-dimethylthiazol-2-yl]-
2,5-diphenyltetrazolium bromide) (or MTS, WST) assay are the most commonly
employed for the evaluation of cell viability following exposure to biomaterials.
LDH assay is based on the measurement of lactate dehydrogenase activity in the
conditioned medium. To loss of intracellular LDH and its release into the culture
medium is an indicator or irreversible cell death due to cell membrane damage.
MTT assay is another cell viability assay often used to determine cytotoxicity
following exposure to biomaterials. MTT is a water-soluble tetrazolium salt, which
is converted to an insoluble purple formazan by cleavage of the tetrazolium ring by
succinate dehydrogenase in the mitochondria. The formazan product is imperme-
able to the cell membranes and therefore it accumulates in healthy cells. Neutral red
assay is also used to measure cell viability. Living cells take up the neutral red,
which is concentrated in the lysosomes of cells.

The choice of cell type and the maturity of the cells depends on the objective of
the differentiation study. However, not all cell types are capable of differentiation
in vitro. Especially, there are some differences between primary cells and cell lines.
Primary cells have a finite life span and die after a certain period of time in culture.
They have a variety of types depending on donors whereas cancer cell lines often
come from a single patient. Primary cells are finicky to culture and can change in
culture after some passages.

For instance, mesenchymal stem cells (MSCc) (Fig. 28.10a) derived from mouse
bone marrow differentiate into osteoblasts and mature to make mineralized extra-
cellular matrix (ECM) (Fig. 28.10b). MSCc cultured with differentiation factors

Fig. 28.9 Illustration of
transwell assay to evaluate
cell migration
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differentiate into mature osteoblasts. The osteoblasts differentiation can be char-
acterized by staining and gene expression of molecular markers such as alkaline
phosphatase (ALP), type I collagen, osteocalcin, osteopontin, bone sialoprotein,
and etc. ALP (Fig. 28.10c) and calcium deposition (Fig. 28.10d) can be visualized
using adequate staining methods.
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Fig. 28.10 a Cell morphology of mesenchymal stem cells (MSCs) derived from mouse bone
marrow. b MSCs differentiate into mature osteoblasts to make mineralized extracellular matrix
ECM). c MSCs cultured on biomaterials with differentiation factors differentiate into osteoblasts.
They can be visualized using the staining methods of c alkaline phosphatase (ALP) and d alizarin
red S
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Chapter 29
Metallic Glasses for Biomedical
Applications

Guoqiang Xie and Xingmin Wang

Abstract Bulk metallic glasses (BMGs) are promising materials for biomedical
applications due to their high corrosion resistance, excellent mechanical properties,
and good biocompatibility. In this chapter, recent progress in the biocompatibility
evaluations of the biomedical BMGs, in particular to biomedical Ti-based BMGs
and Mg-based BMGs, are summarized. Some examples about the BMGs for
applications to biomedical fields such as biomedical tools, biomedical devices, and
biomedical implants are described in detail.

Keywords Bulk metallic glasses � Biomedical applications � Biocompatibility �
Biomedical implants � Stent � Biomedical devices

29.1 Introduction

Metallic materials owing to their high strength, high hardness, superior fracture and
fatigue resistances, demonstrate a much more favorable mechanical response to
biological systems than ceramic or polymer materials and are presently regarded as
the materials of choice for load-bearing implant applications. To assure long
life-time of the load-bearing orthopedic implants, biomaterials need to satisfy the
following requirements [1, 2]: (1) They should not contain toxic or
non-biocompatible elements (e.g., Ni or Be), and this places stringent restriction to
the choice of alloying elements. (2) Their long service life coupled with the variety
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of human activity demands excellent mechanical properties, primarily high
strength, and high fatigue resistance, but low elastic modulus. This is a big chal-
lenge because for crystalline materials their strength and elastic modulus tend to
increase or decrease simultaneously. (3) Wear resistance is important because wear
causes not only implant loosening but also harmful reactions if the wear debris is
deposited in the tissue. (4) Biochemical compatibility requires the implanted
materials to possess superior corrosion resistance in body environment and be
bioactive. Presently, the metallic materials used for these applications are pure Ti
and Ti alloys, pure Zr and Zr alloys, stainless steel and cobalt chromium alloys.
Unfortunately, these materials have exhibited tendencies to fail after long-term use
due to various reasons [2, 3].

Besides the joint replacements that need permanent prosthesis implantation in
the human body, there are many other clinical cases, such as bone fracture, car-
diovascular diseases, in which the temporary implant materials are needed. In this
case, biodegradable materials are the optimal choice. Pure Mg and Mg alloys, pure
Zn and Zn alloys have been studied and developed as biodegradable materials [4].
However, these conventional crystalline metals and alloys have disadvantages such
as low strength, low wear resistance, poor corrosion resistance, which cause various
problems in clinical application [2].

Bulk metallic glasses (BMGs) have been rapidly developed in the past two
decades in many alloy systems because of their unique excellent physical, chemical,
and mechanical properties compared with their conventional crystalline alloys. This
is because BMGs exhibit no long-range atomic order, appearing instead as an
atomically frozen liquid. The lack of atomic order yields some remarkable prop-
erties. These novel properties include superior strength, high elastic strain limit, low
Young’s modulus, excellent corrosion resistance, high wear resistance, excellent
formability in the supercooled liquid region, and so on [5–7]. Because of these
unique properties, BMGs exhibit promising potential to be applied as biomaterials
and biomedical materials.

Based on the conventional crystalline biomedical metals and alloys, such as Ti
alloys, Zr alloys, stainless steels, Mg alloys, Zn alloys as references, many potential
biomedical BMGs have been developed. These developed biomedical BMGs can
be divided into two categories, namely, bioinert group and biodegradable
group. The bioinert BMGs include Ti-based BMGs, Zr-based BMGs, Fe-based
BMGs (which are also known as amorphous stainless steels), and so on. The
biodegradable BMGs include Mg-based BMGs, Ca-based BMGs, Zn-based BMGs,
Sr-based BMGs, and so on. The alloy compositions, fabrication methods and
mechanical properties of the biomedical BMGs have been described in
Chap. 2 (Sect. 2.3). In this Chapter, recent progress in the biocompatibility eval-
uations of the biomedical BMGs are summarized. Some examples about the BMGs
for applications as biomedical tools, biomedical devices, and biomedical implants
are described in detail.
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29.2 Biocompatibility of Biomedical Bulk Metallic Glasses

The biocompatibility is regarded as the ability of a material to perform with an
appropriate biological response [8]. For a candidate biomaterial to be used in
clinical applications, excellent biocompatibility is an essential property in order to
avoid any adverse effect in human body. To date, our understanding of material
biocompatibility has evolved mainly through empirical testing, observing the
interaction of materials with cells and host tissue in vitro and in vivo. Materials can
induce host responses varying from local and systemic inflammation, hypersensi-
tivity, toxicity, and even tumorogenesis, meaning that thorough evidence of
material safety is required before regulatory approval and clinical application. In
this section, some results of the biocompatibility evaluations about the Ti-based
BMGs and the Mg-based BMGs are summarized. The recent progress of other
biomedical BMGs such as Zr-based BMGs, Fe-based BMGs, Ca-based BMGs,
Zn-based BMGs and Sr-based BMGs can be referred to a recent publication [9].

29.2.1 Biocompatibility of Ti-Based Bulk Metallic Glasses

Ni- and Be-free Ti-based BMGs exhibited large glass-forming ability, high
strength, high thermal stability, low-stress-corrosion cracking (SCC) susceptibility
in Hanks’ solution and good bioactivity [10, 11]. It makes the Ti-based BMGs
become a competent candidate for application as biomaterials.

The success of an implant is determined by its integration into the tissue sur-
rounding the material. Cell adhesion and cell spreading is an important parameter
for implant engineering. Oak et al. [12] performed a series of studies about the
corrosion behavior and biocompatibility of the Ti45Zr10Cu31Pd10Sn4 metallic glass,
and the results demonstrated that the Ti-based metallic glass exhibited good cor-
rosion resistance and excellent biocompatibility in osteoblast culture test. Nagai
et al. [13] investigated cellular behaviors responding to the Ti-based
(Ti40Zr10Cu36Pd14) metallic glass surface irradiated with a femtosecond laser
[14], which can form periodic nanostructures on the Ti-based BMG surface [15].
The results demonstrated that numbers of osteoblasts attached to the modified
Ti-based metallic glass surfaces after 3 h of incubation. Li et al. [16] prepared
different roughness surfaces by sandblasting using corundum with various grit sizes
and investigated the effect of the surface roughness of Ti-based BMGs on the
osteoblast responses. The results demonstrated that the corundum sand blasting
surfaces significantly increased the surface wettability and cell attachment, cell
proliferation, and alkaline phosphatase (ALP) activity. The sample surface treated
by large grit corundum was more favorable for cell attachment, proliferation, and
differentiation than samples treated by small grit corundum.

By implanting the Ti-based (Ti40Zr10Cu34Pd14Sn2) BMG rods in the back
subcutaneously and in the femoral bone of rats, followed up local tissue reaction as
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well as its component ions’ diffusion in local area and whole body, the biocom-
patibility has been in vivo evaluated [17]. There was no obvious inflammatory
reaction or foreign-body response occurred around the implanted Ti-based BMG
rods. No hyperemia or edema was found in either subcutaneous or bone tissue. The
subcutaneous samples showed mild capsule reaction of fibroblasts without
inflammatory cells invasion. The bone implanted samples of the Ti-based BMG at
12 weeks after implantation demonstrated that inflammatory reaction was totally
not observed, implant dislocation or loosing is not observed in all cases, indicating
excellent biocompatibility and integration to bone tissue. Histological images
(Fig. 29.1) reveal that both BMG sample and Ti sample are well covered by sur-
rounding bone tissue, and there are no abnormal findings in surrounding bone
tissue. The average value of bone attachment ratio, bone formation area on surface,
and bonding strength with bone in BMG group were same level with those in Ti
group. No significant difference was found between the two groups. EDX elemental
analysis of implant border area demonstrates no diffusion of any metallic ions in the
BMG sample (Fig. 29.2). Assay of serum Cu level showed same level of serum
copper which is just normal. The Ti-based BMGs displayed excellent biocompat-
ibility in both soft tissue and hard tissue, it also showed excellent osteoconductivity
when implanted in bone tissue and no metal ion diffusion was found up to 12 weeks
after operation. The Ti-based BMGs should be a strong candidate for the clinic
applications that require mechanical strength highly.

Fig. 29.1 Histological views of Ti-based BMG implant and Ti implant [17]. Both samples are
well covered by surrounding bone tissue. There are no abnormal findings in surrounding bone
tissue. Objective magnification of upper images is �4 and lower images are �20
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29.2.2 Biocompatibility of Mg-Based Bulk Metallic Glasses

There are clinical advantages for certain metallic medical implants to dissolve in a
controlled fashion in vivo following surgery, provided the corrosion products are
not harmful, thus obviating the need for further surgery to extract the implant after it
has served its function, reducing both the burden on the health system, and the
associated risks toward the patient [18]. Mg and its alloys have recently attracted
much interesting in applications as biodegradable materials due to their low toxi-
city, degradability, low density, and proper mechanical property. Series crystalline
Mg alloys, such as Mg–Zn, Mg–Ca, Mg–RE systems have been designed and
developed for biomedical applications [9, 18]. However, the development and
deployment of biodegradable Mg alloys faces some practical challenges. First, a
much higher inherent strength would be required of such an alloy since an implant’s
strength would naturally deteriorate gradually during the corrosion/degradation
process. Next, pitting corrosion, resulting in surface defects, would likewise lead to
the quick loss of the Mg alloy’s strength. Third, most current Mg alloys have fast
degradation rates, exceeding rates for bone healing. Finally, too-rapid corrosion can
lead to implant failure before healing can complete, and the same corrosion often
leads to catastrophic H2 evolution in patient areas with poor transport mechanisms
[19, 20].

On the other hand, recent studies have found that Mg-based BMGs have higher
strength and lower elastic moduli than pure Mg and conventional Mg alloys.
A number of Mg-based BMGs exhibited high strength, often exceeding 1000 MPa,
greater than stainless steel biomedical alloys, and, in some cases, even titanium and
cobalt–chrome alloys. Studies of the corrosion behavior, cellular response and
tissue response of Mg–Zn–Ca BMGs demonstrated that the Mg–Zn–Ca BMGs
presented more uniform corrosion morphology than conventional crystalline Mg
alloys, had much lower corrosion rates, and showed higher cell viability than

Fig. 29.2 EDX elemental analysis of implant border area [17]. No diffusion of any metallic ions
in the BMG sample is found
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conventional crystalline pure Mg [21–23]. For example, a Mg-based
(Mg66Zn30Ca4) metallic glass corroded in physiologically relevant solutions at
less than half the rate of WE43 [23], a particularly corrosion resistant crystalline
alloy, and at less than 20% the rate of other common Mg alloys, as shown in
Fig. 29.3. Exhibiting a strength of roughly 800 MPa in both tension and com-
pression, a high elastic strain up to 2%, and high facture toughness, the BMG alloy
showed significantly improved mechanical properties over conventional Mg alloys.
An elastic modulus of 45 GPa also reveals a stiffness close to that of cortical bone
[24, 25]. Minor silver (Ag) or strontium (Sr) additions further enhanced the cor-
rosion properties and strength of the alloy, as well as improving the antibacterial
effect (Ag) and osteogenesis (Sr) [23, 26, 27]. Cytotoxicity testing revealed that
alloy samples were able to support significant cellular activity to a high degree
against a control, with increased cell viabilities up to 90%, (compared to 60% for
crystalline Mg alloys), while a stimulatory effect on the rate of bone growth was
also reported [22, 28–30].

In addition, animal studies were carried out in the abdominal walls and cavities
(two tissue types apiece) of domestic pigs to evaluate the tissue reactions of the Mg–
Zn–Ca BMGs during degradation and the hydrogen evolution in vivo. Figure 29.4
shows the evaluated results of Mg-based glass (a, c) in comparison with a crystalline
Mg alloy reference sample (b, d). As shown in Fig. 29.4, results from animal studies
indicate that all samples show a typical fibrous capsule foreign-body reaction
(indicated by white arrows), while only the crystalline samples (implanted discs
indicated by dashed lines) show pronounced hydrogen evolution (area between discs
and fibrous capsules indicated by black arrows). And no tissue-imprinted hydrogen
gas cavities had formed in the histological preparations of the Mg–Zn–Ca BMG
samples and no inflammatory reactions were observed [21].

Despite such promising characteristics, the BMG alloys must overcome some
critical stumbling blocks to be seriously considered for clinical purposes. Critical
casting diameters of the initial MgZnCa BMG alloys were capped at about 5 mm,
potentially restricting use to small pins and screws. Using a spark plasma sintering

Fig. 29.3 Corrosion rates of
Mg-based BMGs and Mg
alloys in physiologically
relevant solutions [23]
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(SPS) technique, large sized Mg-based (Mg–Zn–Ca) BMGs and the composites
with a diameter of over 15 mm have been developed [31]. The consolidated
Mg-based BMGs exhibited high strength of over 450 MPa. The corrosion resis-
tance of sintered Mg-based BMGs and the composites was evaluated to be higher
than that of pure Mg and commercial Mg alloy (AZ31) in Hanks’ solution.

29.3 Applications of Biomedical Bulk Metallic Glasses

Compared with conventional crystalline metals and alloys, BMGs have unique
properties including superior strength, high elasticity, low Young’s modulus, and
excellent wear and corrosion resistances, which are attributed to the lack of grain
boundaries and crystal defects that usually lead to weakening of material strength,
intergranular corrosion and stress-corrosion cracking in biological environments.
They have attracted increasing attention in recent years, and present great potential

Fig. 29.4 Animal studies of Mg-based glass in comparison with a crystalline Mg alloy reference
sample. Glassy Mg60Zn35Ca5 (a, c) and crystalline Mg alloy reference (WZ21) (b, d) in two types
of porcine abdominal tissue (muscle after 27 days (a, b) and subcutis after 91 days (c, d) of
implantation) [21]
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in biomedical applications. Many efforts and attempts have been carried out ranging
from orthopedic, cardiovascular to dental implants and fillers. As the bioinert
BMGs, Ti-based, Zr-based and Fe-based BMGs with combined excellent
mechanical properties and corrosion resistance have been attempted to use as
biomedical devices, such as surgical blades, pacemakers, medical stapling anvils,
and minimally invasive surgical devices; and biomedical implants, such as articu-
lating surfaces, artificial prostheses and dental implants, which are needed to serve a
long time in the severe human body environments. On the other hand, for the
biodegradable BMGs, Mg-based, Ca-based, Zn-based and Sr-based BMGs have
great potential as fracture repair materials (such as intramedullary needles, bone
plates and bone screws), as well as cardiovascular stent materials, absorbable
sutures, fillers around dental implants, and fillings of bone after cyst/tumor removal
in arthroplasty; as they will degrade gradually in human body after completing their
temporary mission (would dissolve completely upon fulfilling the mission of fixing
or supporting) during which arterial/bone remodeling and healing would occur [9].

29.3.1 Surgical Tools

Due to the lack of any grain-size limitations on feature size, very sharp edges are
possible to produce using BMGs. Sharpness improvement on surgical blades by
using BMG and metallic glass coatings has been reported, as shown in Fig. 29.5a
[9]. Low values of blade sharpness index (BSI) indicate sharper edges. The BSI on
a produced ZrCuAlAgSi BMG blade was 0.24, a value of 0.23 was achieved for a
martensitic steel blade coated with a thin film of the same glassy alloy, whereas the
uncoated steel blade value was 0.34 [32]. A surgical blade coated with an Fe-based

Fig. 29.5 Illustrations of biomedical devices made of BMGs [9]. a Commercial martensitic steel
surgical blade coated with ZrCuAlAgSi metallic glass film (left) and ZrCuAlAgSi BMG surgical
blade (right). b The ezlase diode dental laser system, from Biolase Technology, uses Liquidmetal
in its housing. c BMG medical stapling anvils. d Liquidmetal alloys in minimally invasive medical
devices
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metallic glass thin film, demonstrated a BSI value of 0.28, while also displaying a
significant increase (65%) in blade durability, due to its extreme hardness (1200
Hv) [33]. The local roughness of all coated blades was extremely low (<5 nm).
Figure 29.5b shows an ezlase diode dental laser system using metallic glass as its
housing, which is a handheld pen laser for dental procedures, attracted by the
unique strength, ability to be molded to a thin wall thickness, and ornamental finish
of metallic glass. Figure 29.5c is a medical stapling anvil, which considers the top 4
advantages BMGs providing: (1) Superior as-cast surface finishes;
(2) Pocket-to-pocket dimensional accuracy; (3) Molded-in camber for proper
alignment to staple cartridge when clamped to tissue; (4) Lot-to-lot variability
limited to mold cavity-to-cavity variability. Figure 29.5d shows some minimally
invasive medical devices, with enhanced precision, durability, repeatability and
more convenient manufacturing processing [9].

When cells stick to medical devices they can cause potentially lethal problems
like bacterial infections, cancer metastases, and blood clots. To prevent cells of all
kinds from hanging out in medical equipment, a novel anti-adhesive coating, which
is a zirconium-based thin film metallic glass (TFMG), have recently developed [34].
The coating can be easily sputtered onto a variety of medical tools. As shown in
Fig. 29.6a, the TFMG-coated needle shows a nonsticky characteristic with muscles
tissue, whereas the muscle tissue is shown to stick on titanium or titanium-nitride
coated needles and bare needles [34].

Utilizing high wear resistance of the metallic glass, high strength medical scissor
was also fabricated, as shown in Fig. 29.6b [35].

Like other glassy materials, such as oxide glasses and amorphous polymers,
BMGs have a wide supercooled liquid range when heated from room temperature.
Within this temperature range, BMGs transform into a viscous supercooled liquid
with significant softening and, thus, can be shaped by Newtonian viscous flow
under very small applied forces. The is unique property of glassy materials endows
BMGs with extraordinary formability and superplasticity, comparable to those of
polymers and window glasses. BMGs are quite stable in the supercooled state and,
after thermal processing, can be slowly cooled back to the strong glassy state with
negligible volume shrinkage [36]. The is outstanding thermal formability of BMGs
has been utilized to fabricate biomedical devices. Figure 29.7 shows the fabricated
medical bipolars [35]. BMGs were used in the tip portion of the bipolars. Utilizing
the excellent superplasticity of metal glass, a complex pattern was made at the tip
portion of the bipolars, which can prevent effectively cells slip.

29.3.2 Stents

Besides the above mentioned biomedical surgical tools and devices, BMGs are
promising candidates as biomedical implants. It has been reported that BMGs could
increase the strength, corrosion resistance, biocompatibility and longevity of
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Fig. 29.6 Illustrations of biomedical devices made of metallic glasses. a Medical syringe coated
with thin film metallic glass (TFMG). These images show an experiment testing the retraction of a
needle from porcine tissues. The TFMG-coated needle shows a nonsticky characteristic with
muscles tissue, whereas the muscle tissue is shown to stick on titanium or titanium-nitride coated
needles and bare needles [34]. b Medical scissor using metallic glass in the tip portion [35]

biomedical implants, which are aimed to be used as cardiovascular stents [37] and
orthopedic implants (such as bone plates, bone screws, articulating surfaces, arti-
ficial prostheses, absorbable sutures, dental implants, and fillers) [38].
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The material creating the stent must be flexible, supportive, capable of expan-
sion, biocompatible, and easily producible. The vast majority of stents are made of
a stainless steel framework, which is not completely biocompatible and is

Fig. 29.7 Medical bipolars
made of BMGs in the tip
portion with a complex
pattern [35]

Fig. 29.8 Finite element stress analysis of a Zr-based BMG (a, b, d) and 316L stainless steel
(c, e) stent under pressure. Note significantly increased strain values in BMG members, when
compared with stainless steel members at the same applied stresses (d) versus (e) [37]
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associated with high occurrence of restenosis. Ideally, stents should induce minimal
injury to vessels following deployment and should not activate coagulation and
thrombosis. In addition, it is desirable that they are compliant with the blood vessel
biomechanics. BMGs are 3–4 times more flexible than materials currently used for
stent applications, suggesting enhanced compliance [39]. A finite element modeling
has been used to predict the relevant mechanical behavior of a ZrAlFeCu BMG
in vivo [37]. The BMG alloy, developed to avoid Ni and Be, has shown improved
hardness and strength [37] over 316L SS (roughly twice, in both cases), which
allows for stent struts to be markedly thinner-shown to significantly reduce
restenosis [40] and improve the deliverability of the device. The finite element
results (as shown in Fig. 29.8) show that the high elastic limit and low modulus
allow a stent to flex more (facilitated by the thinner members) and deform during
heartbeats. Comparisons of the mechanical properties between stented and
unstented arteries showed a better match over a 316L stent—compliance mismatch
has been shown to be correlated with intimal hyperplasia, which also leads to
restenosis [41].

29.4 Summary

Bulk metallic glasses (BMGs) have become candidate materials for biomedical
applications. Two types of the BMGs for medical applications have emerged, in
which some BMGs such as Ti-based, Zr-based and Fe-based BMGs are being
developed for permanent devices, while another such as Mg-based, Ca-based,
Zn-based and Sr-based BMGs are showing promise in biodegradable implants.
These BMGs have presented excellent biocompatibility. The bioinert BMGs have
been attempted to use as biomedical devices, such as surgical blades, pacemakers,
medical stapling anvils, and minimally invasive surgical devices; and biomedical
implants, such as articulating surfaces, artificial prostheses and dental implants. On
the other hand, the biodegradable BMGs show great potential as fracture repair
materials (such as intramedullary needles, bone plates and bone screws), as well as
cardiovascular stent materials, absorbable sutures, fillers around dental implants,
and fillings of bone after cyst/tumor removal in arthroplasty.
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Chapter 30
Low-Young’s-Modulus Materials
for Biomedical Applications

Mitsuo Niinomi and Masaaki Nakai

30.1 Introduction

Young’s moduli of metallic biomaterials for implant devices such as artificial hip
joints, bone plates, intramedullary rods, and rods for spinal fixation devices should
be similar to that of cortical bone to prevent stress shielding [1]. Titanium alloys are
advantageous because of their low Young’s modulus, which is close to that of bone.
Titanium alloys are classified based on the dominant phase or phases present: a,
(a + b) and b. The crystal structures of a- and b-phases are hexagonal closed
packed (hcp) and body centered cubic (bcc). Since the atomic density of the bcc
structure is smaller than that of the hcp structure, Young’s modulus is expected to
be lower in the b-type titanium alloy than in the a- and (a + b)-type titanium alloys.
Recently, many low-Young’s-modulus b-type titanium alloys for biomedical
applications have been developed or are under study [2].

In light of this, the design, manufacturing process, mechanical properties,
chemical properties, biological properties, and surface modification of new titanium
alloys with low Young’s modulus intended to prevent stress shielding are reviewed.
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30.2 Selection of Alloying Elements

Ti-6Al-4V (Ti64) ELI is the most widely used orthopedic titanium alloy because of
its excellent corrosion resistance and good mechanical properties. In the case of
Ti64 ELI, the toxic vanadium (V) ions released from metal implants severely affect
the long-term biocompatibility of these alloys [3]. In addition, it has been reported
that aluminum (Al) ions are neurotoxic and inhibit bone mineralization [4].
Steinemann [5] has reported on the cytotoxicity of pure metals and the relationship
between biocompatibility and polarization resistance of typical pure metals and
surgical implant materials. Results of this study are summarized in Fig. 30.1. Ti,
Nb, Ta, and Zr exhibit excellent biocompatibility and belong to the loose con-
nective vascularized (vital) group in the type of tissue reaction. Kawahara [6] and
Okazaki et al. [7] has reported that Ti, Nb, Ta, Zr, Sn, Cr, Pd, In, Au, and Si exhibit
low cytotoxicity as shown in Fig. 30.2. The allergy problem should also be taken
into account. Figure 30.3 [8] shows the rate of metallic allergy for each pure metal.
Hg, Ni, Co, Sn, Pd, and Cr are high-risk elements from the viewpoint of allergy
problems. Ni, in particular, is a high-risk element for allergy problems. Adding Si to
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titanium results in a brittle alloy. Finally, Nb, Ta, and Zr are judged to be nontoxic
and allergy-free elements. Consequently, these elements are selected for designing
b-type titanium alloys with lower Young’s moduli, greater strength, and greater
corrosion resistance.

30.3 Design of Low-Young’s-Modulus Titanium Alloys
for Biomedical Applications

Employing a molecular orbital method, electronic structures were calculated for bcc
Ti alloyed with a variety of elements [9]. Two alloying parameters were determined
theoretically. One is the bond order (hereafter referred to as Bo), which is a measure
of the covalent bond strength between Ti and the alloying element. The other is the
metal d-orbital energy level (Md), which correlates with the electronegativity and
the metallic radius of elements. For alloys, the average values of Bo and Md are
defined by taking the compositional averages of the parameters and are denoted as
�Bo and �Md, respectively. By plotting the calculated values of �Bo and �Md for
practical titanium alloys, the areas of a-, (a + b)- and b-type titanium alloys are
separated clearly on the �Bo and �Md map, as shown in Fig. 30.4 [9, 10]. The values
of Young’s moduli of practical titanium alloys are also plotted, and the direction for
lowering Young’s modulus is defined by the arrow shown in the map. The alloy
position moves in the �Bo– �Md map as the content of Nb, Ta or Zr varies as also
shown in Fig. 30.4. The target values of �Bo and �Md are in the dotted area on the
map. As a result, the composition of the target alloy is Ti-29Nb-13Ta-4.6Zr
(hereafter TNTZ).
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30.4 Manufacturing Process of Designed Alloy

An ingot of TNTZ, approximately 20 kg in mass, can be fabricated by the levitation
casting (Levicast) method, which is schematically shown in Fig. 30.5 [11].
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30.5 Distribution of Alloying Elements in Ingot

The alloy contains elements Ta and Nb that have greater specific gravity and higher
melting points than those of Ti. Therefore, there is a possibility for the elements to
segregate. The distribution of each element should be checked. The distribution of
each element from the top through the bottom of the ingot is shown in Fig. 30.6
[12]. It is clear that each element is distributed homogeneously from the top of the
ingot to the bottom, and is in the range of target content value.

30.6 Mechanical Properties

30.6.1 Young’s Modulus

The Young’s modulus of TNTZ samples subjected to various heat treatments and
thermomechanical treatments are compared with those of Ti-6Al-4V ELI and bone
in Table 30.1 [13]. The Young’s modulus of TNTZ is approximately 60 GPa when
it is subjected to solution treatment (ST) followed by water quenching, but it is
approximately 100 GPa close to that of Ti-6Al-4V ELI, which has Young’s
modulus of approximately 110 GPa when the sample is subjected to aging treat-
ment. The lowest Young’s modulus of approximately 55 GPa is obtained for TNTZ
samples subjected to cold working after ST followed by water quenching, but it is
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still higher than that of the bone (approximately 10–30 GPa). Further reduction of
Young’s modulus is required.

30.6.2 Static Strength and Ductility

The lowest Young’s modulus of the b-type titanium alloy is obtained under
solution-treated conditions. Therefore, its strength is generally poor, and an increase
in strength is required while maintaining a low Young’s modulus. Static strength
characteristics, such as the tensile strength, can be improved by mechanisms such as
work hardening, grain refinement strengthening, precipitation strengthening, and
distribution strengthening. One of the best ways to increase tensile strength while
maintaining a low value for Young’s modulus is by introducing numerous dislo-
cations by ordinal severe cold working, such as cold rolling and cold swaging, and
special severe cold working such as high-pressure torsion (HPT), accumulated
rolling bonding (ARB), and equal channel angular pressing (ECAP) [14].

The relationships between tensile properties and working ratio of TNTZ sub-
jected to cold working by general cold swaging are shown in Fig. 30.7 [15]. The
relationships between Young’s modulus and working ratio of TNTZ subjected to
cold working by general cold swaging are also shown in Fig. 30.7 [15]. The tensile
strength and the 0.2% proof strength increase with increasing working ratio. They
reach the levels of those of Ti-6Al-4V ELI (tensile strength of approximately
800 MPa) with good elongation for TNTZ subjected to cold swaging. Nearly the
same trend has been reported for TNTZ in the case of general cold rolling, but, in
that case, the sample elongation decreases with increasing cold working ratio. The
Young’s modulus of TNTZ subjected to cold swaging is almost constant with
increasing working ratio. In the case of cold rolling, Young’s modulus of TNTZ
decreases at high working ratios (as shown in Fig. 30.8 [16]) because of the for-
mation of texture.

Figure 30.9 [17] shows the tensile properties of TNTZ subjected to HPT
(TNTZHPT) as a function of the rotation number N, along with those of TNTZ
subjected to solution treatment and severe cold rolling (TNTZCR). The tensile

Table 30.1 Young’s moduli
of (a + b)-type Ti-6Al-4V
ELI, b-type
Ti-29Nb-13Ta-4.6Zr (TNTZ),
and cortical bone

Material Young’s modulus (GPa)

Ti-6Al-4V ELI (ST) 110

Ti-29Nb-13Ta-4.6Zr

ST 63

ST + aged at 673 K for 3.6 ks 97

ST + CW 55–60

Cortical bne 10–30

ST Solution treatment followed by water quenching
AC Air cooling after solution treatment
CW Cold working
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strength of TNTZ subjected to HPT increases significantly with increasing rotation
number, but the elongation decreases with increasing. The Young’s modulus is
almost constant with increasing rotation number, decreasing only marginally as
shown in Fig. 30.10 [17].

30.6.3 Dynamic Strength and Ductility

The dynamic strength, i.e., the fatigue strength, of the severe cold-worked TNTZ
did not improve as compared to that of the TNTZ subjected to solution treatment
[18]. However, the fatigue strength improved considerably when aging treatment
was provided after the solution treatment or after thermomechanical processing
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including severe cold working and aging treatment. The a phase or x phase pre-
cipitates in the b-matrix phase because of the aging treatment.

The x-phase precipitation significantly increases the strength and Young’s
modulus as compared to a-phase precipitation, although the x phase enhances the
brittleness of the alloy. Therefore, a small amount of the x-phase precipitation is
expected to improve the fatigue strength of TNTZ while maintaining a low Young’s
modulus. For this purpose, short-time aging at fairly low temperatures, which
enhances a small amount of the x-phase precipitation, is effective. Figure 30.11
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[19] shows Young’s moduli of TNTZ subjected to ST, severe cold rolling (CR), and
aging after cold rolling at 573 K as a function of aging time (AT). For up to
approximately 10.8 ks of aging time, Young’s modulus is below 80 GPa, which is a
tentative target value for a low Young’s modulus. Figure 30.12 [19] shows fatigue
properties in the form of S-N curves for TNTZ subjected to ST, severe cold rolling
(CR), and aging for 3.6 ks and 10.8 ks at 573 K. The fatigue strength of TNTZ is
improved by aging treatment for 10.8 ks, while Young’s modulus remains lower
than 80 GPa. The TEM micrograph of a sample with an AT of 10.8 ks shows the
x-phase distribution. We conclude that it is possible to effectively exploit a small
amount x phase precipitation; short-time aging at relatively low temperatures
improves the fatigue strength of TNTZ while maintaining a low Young’s modulus.

The addition of a small amount of ceramics particles in the matrix is also
expected to improve the fatigue strength of b-type titanium alloys while main-
taining a low Young’s modulus. Figure 30.13 [20] shows Young’s modulus of
TNTZ with TiB2 or Y2O3 additions subjected to severe cold rolling (TNTZ-BCR or
TNTZ-YCR); data are shown as a function of B or Y concentration. Young’s
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modulus is nearly constant with increasing B or Y concentration and is around 60
GPa. Figure 30.14 [20] shows the S-N curves for TNTZ with 0.1 and 0.2% B
concentration or 0.2 and 0.5% Y concentrations subjected to cold rolling after
solution treatment (TNTZ-0.1BCR and TNTZ-0.2BCR or TNTZ-0.2YCR and
TNTZ-0.5YCR, respectively) along with those of TNTZ subjected to solution
treatment (TNTZST) or cold rolling after solution treatment (TNTZCR). The fatigue
strength of TNTZ is improved by adding TiB2 or Y2O3.

30.7 Titanium Alloys with Low and Adjustable Young’s
Modulus

The amount of springback is small for alloys with high Young’s modulus as
compared to that of alloys with low Young’s modulus (Fig. 30.15 [21]). A solution
has been found to address the problem of high springback in the form of a b-type
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titanium alloy having a low Young’s modulus that increases in value only at the
deformed part. This will reduce springback and fully satisfy the low Young’s
modulus requirement. This is called a self-adjustable Young’s modulus. In general,
Young’s modulus of metals and alloys is not drastically changed by deformation.
However, in the case of certain metastable b-type titanium alloys, nonequilibrium
phases, such as a′, a″, and x phases appear in the b matrix during deformation. If
Young’s modulus of the deformation-induced phase is higher than that of the
original b phase, Young’s modulus of only the deformed part of the implant rod
increases but that of the nondeformed part remains low as schematically shown in
Fig. 30.16 [21]. In orthopedic surgical procedures on the spine, the implant rod is
bent by the surgeons so that it corresponds with the curvature of the spine.
Therefore, if a suitable titanium alloy is employed as the implant rod material,
springback can be suppressed by the deformation-induced phase transformation that
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occurs during bending in the course of the operation. Here, a low Young’s modulus
can be retained for the patients. In general, Young’s modulus of the x phase is
much greater than those of the a, a′, a″, and b phases. Among these phases, the x,
a′, and a″ phases can be induced by deformation in b-type titanium alloys with
certain chemical compositions.

One possible alloy is reported to be Ti-12Cr. Figure 30.17 [21] shows Young’s
moduli of Ti-12Cr samples subjected to solution treatment (Ti-12Cr-ST) and
samples subjected to 10% reduction cold rolling (Ti-12Cr-CR). It also shows data
from those TNTZ alloys subjected to solution treatment (TNTZ-ST) and 10%
reduction cold rolling (TNTZ-CR). Ti-12Cr-ST exhibits a low Young’s modulus of
the order of 60 GPa; this value is comparable to that of TNTZ-ST, which has been
developed as a biomedical b-type titanium alloy having a low Young’s modulus.
TNTZ-CR also shows a low Young’s modulus almost equal to that of TNTZ-ST.
Thus, cold rolling hardly changes Young’s modulus of TNTZ. However, in the case
of Ti-12Cr, Young’s modulus is increased by cold rolling and that of Ti-12Cr-CR is
greater than 80 GPa. The deformation-induced x phase was detected in Ti-12Cr,
but no induced phase was detected in TNTZ. Therefore, the increase in Young’s
modulus of Ti-12Cr is probably derived from the deformation-induced x phase
transformation.
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30.8 Low Young’s Modulus and Stress Shielding

Figure 30.18 [16, 22] shows X-ray photographs of the fracture models 24 weeks
after implantation with intramedullary rods made of TNTZ and SUS316 stainless
steel whose Young’s moduli measured by three-point bending tests are 58 GPa and
161 GPa, respectively. Bone atrophy can be observed at the upper back portion of
the tibia for the SUS stainless steel intramedullary rod, but no bone atrophy can be

(a) TNTZ (b) SUS316L
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Fig. 30.18 X-ray photographs of intramedulary rods made of a TNTZ and b SUS 316L stainless
steel at 24 weeks after implantation into tibiae of rabbits
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Fig. 30.19 CMR of cross sections of tibias implanted with intramedullary rods made of TNTZ,
Ti-6Al-4V ELI and SUS 316L stainless steel at 24 weeks after implantation

30 Low-Young’s-Modulus Materials for Biomedical Applications 447



observed for the TNTZ intramedullary rod. The large bone formation can be
observed at the frontal portion of the tibia for the SUS 316L stainless steel intra-
medullary rode, but very small bone formation is observed at the frontal portion of
the tibia for the TNTZ intramedullary rod. Figure 30.19 [16, 22] shows the contact
micro radiogram (CMR) of the cross-section of a tibia implanted with each rod at
24 weeks after implantation. Among all the cases, the remodeling of bones is
evidently the best in the case of TNTZ. It is concluded that low Young’s moduli are
effective in inhibiting bone atrophy and providing excellent bone remodeling.

Further, studies on the effects of Young’s modulus on bone remodeling have
been done by implanting bone plates made of TNTZ, Ti-6Al-4V ELI (Young’s
modulus measured by three-point bending tests of 108 GPa), and SUS 316L
stainless steel into the fracture models made in tibiae of rabbits. Only for the case of
the bone plate made of TNTZ, the increase in the diameter of the tibia and the
double-wall structure in the intramedullary bone tissue have been reported to be
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Fig. 30.20 CMRs of cross sections of fracture models implanted with and without bone plates
made of TNTZ at middle position and distal position at 48 weeks after implantation:
a cross-section of fracture model, b parts of □ of (a), namely high magnification CMR of
branched parts of bones formed outer and inner sides of tibiae, and c cross sections of unimplanted
tibiae
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observed as shown in Fig. 30.20 [16, 22]. In Fig. 30.20, the inner wall bone
structure is the original (old) cortical bone and the outer wall bone structure is
newly formed bone. This is the possible result of bone remodeling with a bone plate
having a low Young’s modulus.

30.9 Corrosion Resistance

Figures 30.21 and 30.22 [23] shows anodic polarization curves of TNTZ subjected
to solution treatment at 1063 K (TNTZST), TNTZST aged at 673 K for 259.2 ks,
TNTZ subjected to 5 times (solution treatment and cold rolling) where final cold
rolling ratio is 87.5% (TNTZmulti) and TNTZmulti aged at 673 K for 259.2 ks
obtained in 5%HCl solution with that of hot-swaged Ti-30Nb-10Ta-5Zr fabricated
by powder metallurgy process [18], which has 0.2 mass% O and mirror surface
produced by buff polishing, fabricated by powder metallurgy processing (hereafter
Ti-30-10-5). The current density increases in the low potential region. The passive
current density of TNTZST is somewhat higher than that of aged TNTZST, although
the critical current density, Ic, of both samples is nearly the same at approximately
0.7 A m2. However, the corrosion resistance of TNTZST and aged TNTZST is lower
than that of Ti-30-10-5. In general, the corrosion resistance of Ti is expected to
improve by alloying with Nb, Zr and Ta [19] However, the behaviors of the anodic
polarization curves of TNTZST and aged TNTZST are significantly different from
that of Ti-30-10-5. The critical current density of TNTZST and aged TNTZST are ten
times greater than that of Ti-30-10-5. On the other hand, Ic and passive current
density, Ip, at 0.6 V of TNTZ multi and aged TNTZmulti are very similar to that of
Ti-30-10-5. This trend was the same in Ringer’s solution.
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Figure 30.23 [23] shows SEM micrographs and elemental map of TNTZST and
TNTZmulti. The elemental maps shown in gray scale in Fig. 30.23b, f indicate the
change in concentration of the alloying element where the concentration of each
element increases with increasing gray level. The stripes on the surface of TNTZST

parallel to the rolling direction shown in Fig. 30.23b correspond to the change in Ta
content (Fig. 30.23c). It is thought that the fluctuation of Ta concentration, which
may develop during the melting and hot forging used in processing, is aligned with
the rolling direction. The difference between the maximum level and the minimum
level of Ta concentration was found to be around 3 mass% by EDX. Fluctuations in
Nb or Zr concentration were not observed in this study. It was difficult to eliminate
the stripes parallel to rolling direction by solution treatment or aging conducted in
this study. In the TNTZmulti surface stripes associated with Ta-content fluctuation in
the TNTZST sample are completely absent (Fig. 30.23f, g). Therefore, each alloying
element including, Ta, is distributed homogeneously. As a result, the corrosion
resistance of TNTZmulti is improved remarkably.

Figure 30.24 [23] shows relationship between passive current densities, Ip, in
5%HCl and Ringer’s solution of TNTZST, TNTZmulti and Aged TNTZmul with
those of hot-rolled Ti-6Al-4V ELI subjected to aging, hot-rolled Ti-5Al-2.5Fe
subjected to aging and forged Ti-13Mo-5Zr-3Al subjected to annealing. Values of
Ip for TNTZ multi and aged TNTZmulti in 0.5%HCl and Ringer’s solutions are very
low less than 0.1 A m2 and have a correlation each other, while those of TNTZST

and aged TNTZST are significantly scattered. They are much greater than that of
Ti-5Al-2.5Fe, and are a little smaller than that of Ti-15Mo-5Zr-3Al or Ti-6Al-4V
ELI.
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30.10 Bioactive Ceramic Surface Modification

Titanium alloys show the best biocompatibility among metallic materials for
biomedical applications. However, based on the patterns of osteogenesis, they are
grouped under bioinert materials together with ceramics, such as alumina and
zirconia. The biocompatibility of titanium alloys is inferior to that of calcium
phosphate (CaP) or hydroxyapatite (HAp: Ca (PO4)3OH), which are grouped under
bioactive materials. Therefore, bioactive surface treatment (i.e., bioactive surface
modification) is applied to titanium alloys intended for biomedical applications to
further improve their biocompatibility. In this case, phosphate calcium-type
ceramics, such as calcium phosphate (CaP), TCP (b-Ca3(PO4)2), CCP (b-Ca2P2O7)
and hydroxyapatite are coated on the surface of the titanium alloy. In general, our
goal is to form a coating of hydroxyapatite.

There are many bioactive surface treatment processes [24]. These include plasma
spray methods, ion plating, RF magnetron sputtering, pulse laser deposition ion
beam dynamic mixing, super plastic joining, calcium ion implantation (where
calcium ions are implanted into biomedical titanium alloys), calcium ion mixing
method (where Ca is sputtered on the surface of biomedical titanium alloys fol-
lowed by argon ion implantation), and electrochemical treatment. Alkali treatment
is also used. In this process, the biomedical titanium alloy is immersed in a NaOH
solution and heated. Then, the alloy is immersed into living-body liquid. In yet
another method, a powder of calcium phosphate invert glass mixed with distilled
water is coated on the surface of the titanium alloy and heated to 1073 K. Then,
phosphate calcium-type ceramics such as bioactive b-TCP and b-CCP are precip-
itated. Furthermore, HAp is formed by immersing these ceramics in simulated body
fluid (SBF). The apatite formation resulting from soaking in SBF is enhanced by
autoclaving between 393 and 413 K for 1 h after heating. Figure 30.25 [25] shows
SEM micrographs of the autoclaved and untreated glass-ceramic coated TNTZ after
10 days of soaking in SBF. The micrographs show that apatite formation in SBF
occurs on the coated surfaces. The autoclaved glass-ceramic coated TNTZ is

(a) Untreated (b) Autoclaved

Fig. 30.25 SEM micrographs of the a untreated and b autoclaved glass-ceramic-coated
Ti-29Nb-13Ta-4.6Zr surfaces 10 days after soaking in SBF
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completely covered with apatite. In contrast, coverage is incomplete for the
untreated one, and the original glass-ceramic surface is seen in some portions.

Figure 30.26 [25] shows contact micro-radiograms (CMR) of TNTZ and the
autoclaved glass-ceramic-coated TNTZ after implantation into the femurs of
Japanese rabbits. The photographs show new bone formation around TNTZ and the
autoclaved glass-ceramic-coated TNTZ four weeks after implantation; the bone
tissue shows areas of direct contact with the implants. One year after implantation,
the direct contact of bone tissue with TNTZ and the autoclaved
glass-ceramic-coated TNTZ can be seen in many regions.

Figure 30.27 [25] shows cross-sectional SEM micrographs one year after
implantation. Crack propagation occurs between TNTZ and the bone whereas no
crack occurs between the glass-ceramic coating and the bone. The glass-ceramic
coating bonds directly with the bone.

Chemical vapor deposition (CVD) is advantageous for fabricating coatings at a
high deposition rate with excellent control over microstructure and excellent step
coverage. Single phases of HAp having a dense microstructure were fabricated

Fig. 30.26 C.M. R photographs of a, c Ti-29Nb-13Ta-4.6Zr and b, d the glass-ceramic-coated
Ti-29Nb-13Ta-4.6Zr after implantation in the femurs of Japanese rabbits, a, b 4-week implantation
and c, d 1-year implantation. Diameter of the samples is 5 mm
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using the metal–organic chemical vapor deposition (MOCVD) technique by
changing the deposition conditions, mainly the substrate temperature.

Figure 30.28 [26] shows the surface of TNTZ subjected to solution treatment
(TNTZST) and the surface and cross-sectional morphologies of TNTZ subjected to
MOCVD for HAp coating) (TNTZHAp). The HAp film deposited on TNTZ has a
dense granular microstructure and its grain size is approximately 2 lm.

During MOCVD treatment, TNTZ is heated up to 973 K. Therefore, the a-phase
precipitates in the matrix after MOCVD treatment. Figure 30.29 [26] shows the
relationship between the Vickers hardness and the distance from the specimen
surfaces of TNTZST, TNTZHAp, and TNTZ subjected to a simulated MOCVD
process where the heating process is similar to that of MOCVD (TNTZSH). The
Vickers hardness numbers of TNTZSH and TNTZHAp are higher than that of
TNTZST. The Vickers hardness of TNTZ increases because of the precipitation
strengthening of the a-phase. In particular, the values of Vickers hardness near the
surfaces of TNTZSH and TNTZHAp are much higher than that near the surface of
TNTZST. The amount of solute oxygen at the TNTZ surface is much greater than
that inside TNTZ. The solute oxygen induces the a-phase precipitation. Therefore,
the Vickers hardness near the surface of the TNTZ becomes higher than at the
center of the TNTZ. The tensile properties of TNTZST, TNTZSH, and TNTZHAp are

Fig. 30.27 Cross-sectional SEM micrographs of a Ti-29Nb-13Ta-4.6Zr and b the glass-ceramic
coated Ti-29Nb-13Ta-4.6Zr after 1-year implantation

10 mm

(b) TNTZHAp (c) TNTZHAp(a) TNTZST

20 mm

Film

Substrate

Fig. 30.28 SEM images of surfaces of TNTZ subjected to a solution treatment (TNTZST),
b MOCVD for fabricating HAp film on TNTZ (TNTZHAp), and c cross-sectional image of
TNTZHAp. Deposition time is 15 min
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shown in Fig. 30.30 [26]. The tensile strength and 0.2% proof stress increase
because of substrate heating during MOCVD and the consequent precipitation
strengthening of the a-phase. The elongation of TNTZSH and TNTZHAp is main-
tained at 20% even though the elongation decreases because of substrate heating. In
addition, the Young’s modulus increases because of substrate heating.

30.11 Summary

Design, manufacturing process, and mechanical, chemical, and biological proper-
ties, and surface modification of new titanium alloys with low Young’s modulus
intended to prevent stress shielding are reviewed with a focus on
low-Young’s-modulus Ti-29Nb-13Ta-4.6Zr referred to as TNTZ.
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TNTZ exhibits a low Young’s modulus of approximately 60 GPa under solu-
tionized conditions. Since under solutionized conditions, the strength of TNTZ is
poor, the static strength, namely, tensile strength is improved remarkably by con-
ventional severe cold working including cold rolling, swaging and forging, and
severe plastic deformation, including high-pressure torsion (HPT). The strength is
improved while maintaining good ductility and low Young’s modulus. Severe cold
working and HPT cannot improve the dynamic strength (for example, fatigue
strength) of TNTZ, but the dynamic strength does improve significantly as a result
of a short-time aging process, where a small amount of x-phase precipitates, and
the addition of a small amount of ceramics, such as TiB and Y2O3, while main-
taining a low Young’s modulus. Bioactive ceramic coating on TNTZ is successfully
achieved using a calcium phosphate invert glass and MOCVD. By implanting
intramedullary rods and bone fixation plates made of TNTZ into fracture models
made in the femurs of rabbits, low Young’s modulus is found to be effective in
preventing stress shielding.
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Chapter 31
Electret Ceramics for Biomedical
Applications

Naohiro Horiuchi

Abstract An electret is a dielectric material that has quasi-permanently stable
polarization and surface charges, and forms electric fields in its neighborhood. In
this chapter, the basics of electrets are briefly introduced, and a representative
electret for biomedical use is presented. The most important ceramics for
biomedical applications, hydroxyapatite, can be polarized and become an electret.
The properties of hydroxyapatite electrets and the application, i.e, an ability to
promote bone regeneration, are reviewed.

Keywords Polarization � Hydroxyapatite � Proton conduction � Osteoconduction

31.1 Electret

An electret is the electrostatic equivalent of a permanent magnet. The history of
“electret” is much younger than that of magnet [1, 2]. The term was coined by
Oliver Heaviside at the end of nineteenth century, in order to describe “a body
which is naturally permanently electrized by internal causes” [3]. The first example
of electret was introduced by Mototaro Eguchi in 1919 [4]. In magnetism, magnetic
charges are always observed as magnetic dipoles, and magnetic monopole is not
found. In electrostatics, electric dipoles also exist, however, electrostatic charges
have many forms, and positive and negative charges are easily divided. Therefore,
polarized states are easily eliminated or/and covered by opposite charges. This
complicates the fabrication and evaluation of electrets, which is a reason for the
shorter history of electrets.

An electret is defined as a material that quasi-permanently creates electric fields
around the material. The electric fields were caused by quasi-permanent electric
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charges. The electret charge consists of monopolar charges, e.g., space charge or
surface charge, or/and dipolar (hetero) charges. Examples of electrets are presented
in Fig. 31.1. The electrets of Fig. 31.1a, b consist of space charges. The negative
charges exist in the electret of Fig. 31.1a. The charges are generally injected from
outside of the material through electron or ion beam irradiation. In Fig. 31.1b, the
electret is derived from the displacement of negative and positive space charges.
The displacement can be caused by an applied external electric field. Figure 31.1c
originates from aligned dipolar charges (dipoles).

A wide range of materials has the potential to be an electret. Representative
electrets that are practically used are fabricated from polymers, for example,
fluoropolymers (e.g, PTFE, PVDF), polyethylene terephthalate, etc. Piezoelectric
crystals and ceramics are also electrets. One of the most important ceramics for
biomedical applications is hydroxyapatite, which has a similar chemical composi-
tion and structural features to the bone. Hydroxyapatite also can be polarized and
become an electret.

31.2 Properties of Hydroxyapatite Electret

31.2.1 Crystal Structure of Hydroxyapatite

Hydroxyapatite (HAp) is an apatite which has the general formula Ca10(PO4)6X2

where the X is, in most case, a halogen ion (F−, Cl−, Br−) or a hydroxide (OH−) ion
[5]. As the name implies, HAp contains OH− ions in its structure. The crystal
structure symmetry is generally expressed by P63/m (space group 176) [6], there-
fore the unit cell is depicted with hexagonal cylinder as shown in Fig. 31.2a, which
is a view of the structure projected down the c-axis. The structure consists of PO4

tetrahedra, Ca2+ ions, and columns of OH− ions oriented along the c axis. The unit
cell formula of the hexagonal HAp is expressed as Ca10(PO4)6(OH)2. The Ca

2+ ions
are divided into: Ca1 and Ca2. The Ca1 and Ca2 have 4 and 6 ions, respectively. The
Ca1 arranges repeatedly along the c-axis, which is called columnar calcium ion. The
Ca2 forms triangles on the ab plane, and one triangle locates at p/3 angle with
respect to the neighboring triangles. The stacking of the Ca triangles forms a

(a) (b) (c)

Fig. 31.1 Schematic illustrations of cross sections of typical electret formation. They consist of
a negative space charges, b negative and positive space charge, and c dipolar charges
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column which encloses the OH− ion column. The existence of the OH columns is
important when we discuss and understand the properties of HAp [7].

The crystal structure of the calcium apatite is occasionally described by the word
“pseudohexagonal”. The reason for “pseudo” is because some ordered alignment of
the OH− ions breaks the hexagonal symmetry P63/m. The arrangement of OH− ions
has two states as shown in Fig. 31.2b. The OH− ions can be located above and
below the Ca triangles. The OH− ions are located at both sides of the mirror planes
at z = 0.25 and 0.75. However, in this case, the OH− ions do not exist simulta-
neously at both side of the mirror planes. The OH− ions are disordered. On average,
half of the OH− ions are located above the plane of the Ca triangles and the other
half are below the plane. Generally, HAp has disordered arrangements of the OH−

ions, which is caused by a slight amount of impurities, e.g., F−, Cl− or vacancies. In
the case of stoichiometric HAp, the arrangement is ordered as presented in
Fig. 31.2c. The orientations of OH− ion in one column aligned in one direction. The
crystal structure is known to be monoclinic at room temperature (P21/b) [8, 9]. This
kind of ordering can change the crystal structure and remove the center of sym-
metry. It is noteworthy because that suggest that piezoelectricity may indeed exist
in hydroxyapatite. The polar structure having ordering OH− ions is expected to be
ferroelectric, however, no experimental results that prove ferroelectricity in
hydroxyapatite has been reported.

PO4 HOCa1 Ca2
c a

b

c

(a) (b) (c)

Fig. 31.2 Schematic illustration for crystal structure of hydroxyapatite
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31.2.2 Electric Properties of Hydroxyapatite Electret

HAp is known as a proton conductor. Protons can move in the OH columns path
along the c-axis. The report of the ionic conductivity of HAp dates back to 1973,
and Royce considered conduction of OH− ions in HAp [10]. Maiti and Freund [11]
studied the proton conductivity of HAp and fluorine substituted HAp. Proton
conduction with the activation energy of 0.6 (±0.1) eV was observed at a lower F
substitution. Yamashita et al. [12] reported a proton conductivity of about 10−3 S/
cm at 700 °C using sintered ceramic HAp. The ionic transference number was
estimated using a hydrogen concentration cell and determined to be unity, sug-
gesting that protons transported the electrical charges in HAp. Proton conduction in
HAp is involved with proton defects, which are formed by dehydration as described
as the equation: Ca10 (PO4)6(OH)2 ! Ca10 (PO4)6(OH)2−xOxϒx + xH2O, where the
ϒ presents a vacancy of OH− ion and O2− ions at the OH− lattice sites are converted
from the OH− ions, which contains proton defects. The protons migrate through the
proton defects. The defects were easily introduced by Ca2+-substitution with
trivalent cations [13]: Ca10−xMx (PO4)6(OH)2−xOx, where M represents Y3+ or La3+.
Yttrium-doped HAp (Y-HAp) exhibited higher proton conductivity of 10−4 S/cm at
800 °C [14]. Aligning the crystallographic axis increases the proton conductivity.
Fully dense Y-HAp membranes having aligned crystallographic orientation normal
to the electrode substrate had the proton conductivity of 10−2 S/cm at 700 °C, and
the measured activation energy for proton conduction was 0.73 eV (Fig. 31.3a)
[15]. The proton conduction is one-dimensional conduction through OH− ions
along the c-axis. The detailed path was visualized by Yashima et al. [9, 16] using a
combined technique of high-temperature neutron diffraction and bond valence sum
(BVS) method. The obtained pathway of a complex sinusoidal process is presented
in Fig. 31.3b, which consists of the reorientations of OH− ions and proton
migrations to the neighboring proton sites.

As described above, in HAp, protons can move in HAp crystals. These prop-
erties can be utilized to prepare electret because an applied external voltage to the
HAp can move the protons in HAp. In fact, HAp electrets can be fabricated via a
facile poling process as shown in Fig. 31.4. First, place a HAp ceramic pellet
between a pair of electrodes. The HAp pellet is heated to a certain temperature
(poling temperature: Tp), and a direct current (DC) electric field (poling electric
field: Ep) is applied for an arbitrary amount of time (poling time: tp). After the
poling time, cool the pellet to room temperature. The electric field was maintained
until the samples cooled to room temperature. In this process, the heating has an
important role because the proton conduction in HAp requires a relatively high
temperature. Displacement of protons is induced by the applied electric field at the
elevated temperature. After the cooling, the protons cannot move at room tem-
perature, thus, the displacement is frozen and maintained quasi-permanently. The
displacement is the origin of the electret of HAp.

A method to characterize electrets is TSDC (thermally stimulated depolarization
current) measurement [17]. Electrets are quasi-permanent at room temperature
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because the charges are frozen, but, as the temperature increases, the charges
increase their mobility. The displacements go back to the thermal equilibrium,
which means that thermal stimulation induces relaxations of the charges in the
electret. The relaxation process generates depolarization currents, and, therefore the
relaxation phenomena can be evaluated by detecting the depolarization currents.
A typical procedure of TSDC measurement is as follows. First, prepare an electret
via poling procedure with certain conditions (Tp, Ep and tp). The electret is con-
nected to an ammeter, and the sample is heated at a constant heating rate (e.g, 5 K/
min). The depolarization currents are measured as a function of temperature. TSDC
curves for HAp electrets were of course measured [18–20]. The results for HAp
electrets with different poling electric field (Ep) were presented in Fig. 31.4a. As

Fig. 31.3 a Proton conductivity of Y-HAp membrane on palladium surface. Reprinted with the
permission from Ref. [15], Copyright 2012 American Chemical Society. b Geometry of the proton
conduction path along the c-axis. Red arrows and dotted lines indicate the proton migration
pathways. Red, blue, and white spheres and purple triangle stand for the oxygen, calcium, and
hydrogen atoms and PO4 tetrahedron, respectively. Reprinted with the permission from Ref. [16]
Copyright 2014 American Chemical Society

Fig. 31.4 Schematic illustration of the preparation of HAp electret
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shown in the figure, two peaks, located at higher and lower temperature range, were
observed, indicating that the polarization comprises at least two elements. The inset
of the figure shows the peak current values of the two peaks. The values of peaks
located at higher temperature increase exponentially, and the peak position also
increases as the Ep increases. The behavior suggests that peak at higher temperature
range is caused by space charge polarizations. In contrast, the peak value of lower
temperature increases linearly and the positions are independent on the poling
electric field (Ep). This result implies that the peak at lower temperature range is
attributed to dipolar polarization or polarization involving interface.

Electrets form electric fields around themselves. The electric fields can be
evaluated by the Kelvin probe method, which is noncontact measurement of surface
potentials of the electrets [21]. In this method, a vibrating electrode is placed over a
sample and the electrode detect the potential difference (surface potential; /sp)
between the sample surface and the sensing electrode that is placed over the sample.
The potential difference can be changed to surface charge density (rs) using the
following equation: rs ¼ e0es/sp=d, where es is the relative permittivity of the
sample (a value of 20 was used for the relative permittivity of HAp) and d is the
sample thickness. Figure 31.5b presents the surface charge density at the sides of
the HAp electret with different thicknesses (d) [22]. The surface charge is inde-
pendent of the thickness, suggesting that the surface charge does not originate from

(a) (b)

Fig. 31.5 a TSDC curves of HAp electrets with various polarization electric fields (Ep).
Polarization conditions Tp and tp, are, respectively, 623 K, 60 min. The inset shows a relation
between maximum currents for each peak and polarization electric field Ep. Reprinted with
permission from Ref. [20], Copyright 2012, American Institute of Physics. b Depth profile of
surface charges on HAp electrets. Reprinted with permission from Ref. [22] Copyright 2014,
American Institute of Physics
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local charge that is inhomogeneously distributed (for example, the interfacial charge
near the electrode). The surface charge is believed to be induced by polarization that
is uniformly distributed in the HAp samples. Comparing HAp electrets and
non-polarized HAp, there is no difference in the surface roughness, crystallinity,
and constituent elements, however, the wettability to water is increased on the
surface of HAp electret [23].

31.3 Applications of Hydroxyapatite Electret

31.3.1 Cell Behavior on Hydroxyapatite Electret

Surfaces of HAp electrets affect cell adhesion, which was revealed by valuation of
osteoblasts (cells that synthesize bone) [23]. While the typical adhered cells on
non-polarized HAp have a round or spherical shape, on HAp electret, the cells have
a spindle or fanlike spreading configuration. The cell adhesion areas, which indicate
the degree of cell spreading, were distinctly larger on the HAp electrets than that on
the non-polarized HAp. An important reason for the enhancement of cell spreading
is the improved surface wettability on the HAp electrets. In some cases, surface
wettability change provides advantages in cellular behaviors such as attachment and
spreading [24–28]. Another reason for the enhancement of the initial cell attach-
ment on the HAp electret is considered to be caused by the difference in protein
adsorption that stimulates cell adhesion. In fact, increase of protein (fibrin)
adsorption on HAp electret surfaces in vivo was reported [29].

31.3.2 New Bone Formation on Hydroxyapatite Electret

Bone has the ability of self-repairing if the fracture is small enough, however, in
case that the defect becomes larger, a surgical procedure that refills missing bone,
bone grafting, is required. HAp is a material used for bone grafting. The defect of
bone is filled with HAp. Materials for bone grafting is required to have osteo-
conductivity: property of a material that encourages osteoconduction.
Osteoconduction is a bone formation process which is carried out on surfaces of
implanted materials. When an osteoconductive material is implanted into a lost part
of bone, the material serves as a scaffold where bone cells attach, spread, and
proliferate. The bone cells reconstruct bone tissue and replace the scaffold with the
new bone.

HAp electrets were demonstrated to enhance osteoconductivity and the bone
formation processes varied with the polarity of surface charges [30]. Rectangular
holes of 1.4 � 5.0 mm2 prepared at cortical bone of male beagle dogs, and the
holes were filled with HAp electrets. The results of morphologic evaluation of the
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samples, which were harvested at 3, 7, 14, and 28 days after the implantation, were
presented in Fig. 31.6. Comparison among the three different types of surfaces
(negative, positive, non-polarized) suggests the surface charges of HAp electret
significantly cooperate with the innate bioactivity of HAp and promote recon-
struction of the bone defects. As shown in Fig. 31.6a, new bone (Nb) layers 0.01–
0.02 mm thick are in contact with the surface without any inclusion. In contrast, the
non-polarized HAp surface (Fig. 31.6g) was still isolated from osteoid tissues by
dominant fibrin multilayers.

Fig. 31.6 Cell morphologies in wide gap between HAp ceramics (HA) and cortical bones (Cb).
Insets are magnified views of rectangular frames of broken lines. a Newly formed bone (Nb) layer
of 0.01–0.02 mm with osseous cells (Os) and layered osteoblastic cells (Ob) were in direct contact
with N-surfaces on day 7. Newly formed bones also were found on cortical bone with cement line.
Many blood vessels (Bv) with erythrocytes occupied space among newly formed bones. b On days
14 and c 28, newly formed bone layers in direct contact with N-surface had gradually grown.
A few multinucleated giant cells (Mc) were found in proximity of cortical bones. d Osteoid tissues
surrounded by osteoblastic cells in the vicinity of P-surface on day 7. e On days 14 and f 28, newly
formed bones derived from osteoid tissues were gradually matured in proximity of P-surface.
A few multinucleated giant cells (Mc) were found on osteoids and cortical bones. g On days 7 and
h 14, osteoid tissues were found to be isolated from 0-surface by dominant fibrin layers (Fb).
i Parts of newly formed bones were in direct contact with 0-surface on day 28. Reproduced from
Ref. [30] by permission of John Wiley & Sons Ltd
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Chapter 32
Surface Modification with Femtosecond
Laser

Peng Chen and Masahiro Tsukamoto

Abstract Surface modification of metallic and inorganic materials with fem-
tosecond laser irradiation for biomedical applications is reviewed in this chapter.
Titanium (Ti) and titania (TiO2) were selected as the models for metallic and
inorganic substrates, respectively. Femtosecond laser scanning successfully creates
unique periodic surface topography on various materials through a one-step pro-
cess. Present data showed that surface modification with a femtosecond laser had
scale-independent effects on the surface chemical properties and biocompatibility.
By controlling the unique periodic surface topography, surface wettability could be
changed, and cell adhesion, proliferation, differentiation, calcification, and hemo-
compatibility could be regulated in vitro. A relative in vivo study also showed that
this unique hierarchical periodic topography by femtosecond laser surface modifi-
cation could also be effective regulating the biocompatibility of the metallic and
inorganic material with bone tissues. It was revealed that surface modification with
a femtosecond laser can be an effective technology to create unique hierarchical
periodic surface topography on metallic and inorganic materials. Moreover, the
scale of surface topography can be controlled with a one-step modification and has
positive effects in controlling the biocompatibility, which is predicted to be very
useful for further medical applications.

Keywords Femtosecond laser � Surface topography � Biocompatibility �
Bioactivity
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32.1 Introduction

Metallic and inorganic materials have been widely used for the fabrication of
medical devices due to their high strength, toughness, and durability. In particular,
about 80% of implant materials in the human body are made of metal [1]. When
considering metal implants in a living body, low cytotoxicity and high corrosion
resistance are required, for example, metal alloys with high corrosion resistance
such as stainless steel, Co-Cr alloy, commercially pure titanium (Ti) and its alloy,
and noble metals such as gold and its alloy, are good choices. Clinically, Ti and its
alloy have been used for dental implants, bone plates, artificial joints, etc. On the
other hand, compared with metallic or polymeric material, inorganic material such
as titania (titanium dioxide, TiO2), which is used as a substitute for hard tissues,
shows better durability, biocompatibility, and bioactivity [2].

Both metals and inorganic materials also have negative aspects. For example,
compared with metallic or polymeric materials, inorganic material shows dissatis-
factory processability which leads to a higher cost and restricts its applications.
Compared with ceramic or polymeric biomaterials, metals have no biofunction,
which limits their applications in biomedical treatment. To give a biofunction to
metals, surface modification is necessary, because routine metal manufacturing
processes like melting, casting, or heat treatment cannot lead to inherent biocom-
patibility. On the other hand, surface properties such as topography, chemical
composition, or structure can be modified by a surface treatment. Various modi-
fication methods have been explored, like ion implantation, electrochemical coat-
ing, immobilization of biofunctional molecules, and biomolecules [3].

Among these surface modification methods, surface modification of a substrate
with a femtosecond laser has an important role in improving biocompatibility.
A unique periodic surface topography is created by femtosecond laser irradiation
[4–6], which affects surface properties of the substrate relevant for medical appli-
cations such as initial molecular attachment, cell proliferation and differentiation,
and compatibility with surrounding tissue [7–27]. In addition, surface modification
with a femtosecond laser was thought to be the second generation of surface
modification techniques to improve biocompatibility at the research level, at the
same time, it is already the most widely used method in present commercialized
goods [3]. Metallic substrates with designed surface topography could show
improved surface area, roughness [15], wettability [16–18], and other properties.
These physical changes will affect the absorption of small molecules and proteins in
a living system and also the cell attachment and adhesion on these modified sur-
faces [21, 22]. Thereby, the biocompatibility of metals could be improved.
Moreover, the femtosecond laser could be also a powerful technology applied to the
surface modification and materials processing of inorganic materials [28, 29] and
polymeric materials [30–33].
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In this chapter, our latest research results and recent published reports on surface
modification with a femtosecond laser have been reviewed, in particular, the
improved biocompatibility, including the latest in vitro and in vivo results, are
discussed. Data on Ti and TiO2 substrate materials are focused on. These contents
could offer important information for improving the biocompatibility of metallic
and inorganic biomaterials, while providing a basis for designing novel implant–
host interfaces to promote an appropriate host response in specific applications.

32.2 Surface Modification with a Femtosecond Laser

In recent years, femtosecond laser technology has been developed, which is a
high-quality cold ablation process. Femtosecond laser irradiation’s small beam size
allows for machining of very fine surface structures and requires less postprocessing
treatment [34]. Because of these advantages, it has been recognized as a
next-generation technology for medical treatment, such as ophthalmological sur-
gery [35–39]. On the other hand, the femtosecond laser is also thought to be a
hopeful technology to be used in surface modification of biomaterials because of
the unique periodic surface topography formed after femtosecond laser irradiation.

The details concerning laser processing for surface functionalization are pre-
sented in Chap. 15. In this section, the changes in biocompatibility concerning
surface properties of metallic and inorganic materials after surface modification
with femtosecond laser are briefly summarized.

32.2.1 Morphology and Surface Roughness

With femtosecond laser irradiation, the substrate surface is modified with a unique
periodic topography. By adjusting the irradiation conditions, such as laser fluence
(J cm−2) and scanning speed, the periodic topography can be easily changed. In
addition, nanoscaled topography could also be designed and formed during periodic
micron-topography fabrication. Therefore, a multiscale periodic topography can be
curated through one-stage laser irradiation with femtosecond laser scanning.

32.2.2 Surface Chemical Contents

As a cold ablation process, compared with traditional melting processing, fem-
tosecond laser irradiation induces fewer changes in surface chemical content. Slight
oxidation could be induced, increasing the amount of metallic oxides, surface water
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adsorption, or carbon contamination [40]. However, the present common perception
is that the surface modification changes from femtosecond lasers do not have
significant effects on the surface properties [5, 40].

32.2.3 Surface Wettability

Surface wettability plays an important role in improving the biocompatibility of
biomaterials. Surface modification by femtosecond lasers under different conditions
could result in different surface wettability of the material [5, 16, 18, 40–43]. The
surface topography created by femtosecond laser irradiation was thought to be the
primary cause of surface wettability changes. For example, a superhydrophobic
surface can be obtained by modifying a stainless steel substrate with a hierarchical
periodic topography [5]. However, the surface composition of stainless steel after
surface modification with a femtosecond laser has increased carbon and oxygen and
decreased iron (Fe), indicating the formation of iron oxides which are not
hydrophobic. In addition, our data further clarifies this standpoint, as changing the
surface periodic architecture modified both the hydrophilic and hydrophobic sur-
faces (Fig. 32.1) [18]. Moreover, this property could also apply to the surface
modification of polymeric materials [41, 42].

Fig. 32.1 The surface morphology and wettability of nitinol with and without femtosecond laser
surface modification. The surface morphologies of specimens were detected by SEM: (a) a
mirror-polished surface without surface treatment, and the specimens after femtosecond laser
scanning with (b) periodic nano- and (c) hierarchical periodic micro/nano topographies,
respectively. Wettability was evaluated by measuring contact angles of 1 lL water dropped
onto the nitinol surface, and side view images of the water droplets of (a), (b), and (c) surfaces are
shown in (d), (e), and (f), respectively. Reprinted from Ref. [18]. Copyright 2016, with permission
from Elsevier
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32.3 Bioactivity Evaluation

Generally, there are three commonly used ways to evaluate the bioactivity of
biomaterials: soaking in simulation body fluid (SBF), in vitro study, and in vivo
study. The easiest way to investigate the biocompatibility of materials is by simply
soaking them in a simulation body fluid, which has inorganic chemicals and may
also contain a small amount of organic components. In vitro (Latin for “within the
glass”) study is generally defined as the research activities of biomolecules, cells,
tissues, or even organs in a specific controlled artificial environment. On the other
hand, the study of biological responses in an intact living organism is termed
in vivo (Latin for “within the living”) research.

32.3.1 Soaking in Simulation Body Fluid

This chemistry-based method to mimic the human body environment is a simple
and easy way for most material scientists or researchers to evaluate their newly
prepared materials for biological or medical applications. Potential contaminations
or statistical differences among testing groups caused by organic contents and living
cells could be avoided. For example, Hanks’ solution has been widely used to
evaluate osseointegration of materials for dental/bone implant applications [44–46],
through comparing the calcium (Ca) and phosphate (P) contents in the calcium
phosphate deposits formed after soaking in SBF [44–47]. The determination of Ca/
P atomic ratios enables researchers to evaluate the formation of octacalcium
phosphate, which is a precursor to hydroxyapatite (HAp) [47]. It was reported that,
after soaking in SBF, rapid formation of a Ca/P layer was obtained on a Ti surface
with femtosecond laser modification. This phenomenon implies that good bioac-
tivity has been achieved on Ti by surface modification with a femtosecond
laser [48].

32.3.2 In Vitro Study

Although soaking in SBF is a simple and effective way to investigate the bio-
compatibility of materials, studies based on pure chemical contents may lead to
results that do not correspond to the circumstances occurring in the environment of
a living organism [49]. In addition, compared with a complicated in vivo study, it is
simpler and more convenient to study potential mechanisms in vitro. Therefore, to
investigate the compatibility of femtosecond laser surface-modified metallic and
inorganic materials, in vitro studies are ideal.
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32.3.2.1 In Vitro Models

The in vitro models used for evaluating the biocompatibility of substrates after
surface modification with femtosecond lasers vary depending on what specific
parameters are desired and detected. Usually, two kinds of cell resources have been
used: cell lines and primary cells. For example, bone cells (e.g., osteoblastic cell
lines) [21, 22, 50] or mesenchymal stem cells (MSCs) [51–53] could be good
candidates for evaluating a surface-modified material for bone implant applications,
while endothelial cells or blood platelets are suitable models for evaluating the
effect of a material on endothelialization or thrombosis, respectively [18]. Cell
models are distinguished by their different surface transmembrane proteins and
incretion specific proteins, which may activate specific cellular signaling pathways
to induce unique target gene(s) expression and protein(s) synthesis.

Moreover, considering the size of surface topography after surface modification,
proper in vitro models can be selected. For example, osteoblasts, which are about
10 lm by 2 lm in size, may not be suitable for testing a substrate with a surface
topography scale over 10 lm. This is because it is impossible for any individual
cell to sense surface topography of a larger scale.

32.3.2.2 Cell Adhesion

Cell adhesion is defined as the cellular process of interacting and attaching to a
surface, which is the first step of a cell’s response to an artificial substrate during
in vitro testing. This cell behavior strongly depends on the interaction between cell
adhesion molecules (e.g., integrins, selectins, and cadherins) and the substrate
surface [54–60]. Changing substrate surface topographies could select for specific
bonding modalities between the substrate and cells to induce different cellular
signal transduction pathways [58]. Consequently, cell proliferation and differenti-
ation as well as calcification of osteoblasts can be specifically regulated.

For example, cell alignment on a surface-modified substrate is a challenging issue,
because it could promote neurogenesis or also mimic the osteocyte alignment found
normally in long bone structure. As we reported, nanostructures with periods of 130
and 230 nm, especially 230 nm, created by a femtosecond laser with a wavelength of
775 nm, were effective for cell spreading [21]. Aligned cell morphologies were
observed on both Ti and TiO2 substrates after femtosecond laser surface modifica-
tion; fluorescent images depicting this phenomenon are shown in Fig. 32.2.

32.3.2.3 Cell Proliferation

Cell proliferation is regarded as an important way to measure cytotoxicity of an
artificial substrate. The inhibition of cell viability by 50% (IC50) has been used to
assess the toxicity response induced by artificial substrates or drugs during cell
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proliferation [61, 62]. A substrate with high corrosion resistance is thought to have
no significant cytotoxic effect if a cell viability over 80% is maintained for 5–7 d. In
addition, if the cell number increases with increasing culture time and the doubling
time is normal, the material is thought to have no safety concern.

On the other hand, one study reported that micron-scale surface topography has
little effect on cell proliferation, while cells cultured on substrates with nanoscale
topography show a slowed growth rate [58]. However, it was also reported that
mouse osteoblasts (MC3T3-E1) grow faster on a ZA318B magnesium alloy after
surface modification with femtosecond laser, especially with the laser fluence of
0.64 J cm−2, compared to their growth on the alloy without surface modification

Fig. 32.2 Differences in initial cellular spreading on surfaces with or without femtosecond laser
surface modification. Cellular morphology was examined by immunocytochemistry. Nuclei (blue),
F-actin cytoskeleton (red), and vinculin (green)-positive adhesion plaques were visualized.
Fluorescence microscopy images of osteoblasts cultured on a Ti metal surface with (b) or without
(a) femtosecond laser surface modification (Reprinted from Ref. [21], Springer). Fluorescence
microscopy images of osteoblasts cultured on an inorganic TiO2 surface with (c) or without
(d) femtosecond laser surface modification. Reprinted from Ref. [22]. Copyright 2016, with
permission from Elsevier
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[23]. This phenomenon may be explained by the intricate mutual effects of novel
multiscale periodic topography formed by femtosecond laser irradiation.

32.3.2.4 Cell Differentiation

For primary cells and stem cells, evaluating cell differentiation is another critical
criterion for artificial substrates applied toward medical treatment. For example,
when a metal implant is implanted in bone tissue, osteocytes and mesenchymal
stem cells are exposed to the metallic body of the implant, which could have an
effect on cell differentiation. Because surface modification with a femtosecond laser
has effects on cellular initial adhesion and proliferation, cell differentiation could
also be effected. In addition, different topography scales have different effects on
cell adhesion and proliferation as previously mentioned, and cell differentiation
could also be affected by topography scale differences. For example, an equiatomic
Ni-Ti alloy with hierarchical periodic micro/nanosurface topography (*2.0 lm
width, *590 nm depth) from femtosecond laser irradiation promoted the
endothelialization of porcine endothelial cells [18]. In addition, it has been shown
that a femtosecond laser-modified polyimide coating surface promotes different
differentiation patterns in MSCs depending on topology: 15 lm periodic topogra-
phy promoted adipogenic differentiation, 2 lm periodic topography promoted
osteogenic differentiation, and 650 nm topography promoted differentiation toward
both lineages [63].

32.3.2.5 Calcification

Considering its importance and pervasiveness, calcification of osteocytes cultured
on the femtosecond laser-modified surface is examined. Calcification, the accu-
mulation of calcium salts in a tissue occurs during bone formation. Calcium
deposition on a substrate surface is used for evaluating calcification of biomaterials
in vitro. Alizarin red staining is commonly used to show the calcified area
(Fig. 32.3).

It has been reported that the substrate surface modified by femtosecond laser
irradiation promotes osteogenic differentiation and maturation of pre-osteoblasts
[63]. However, there are still some problems with this evaluation because the
calcified surface area only indicates the contact area of newly formed bone tissue on
substrate, and the results cannot yield any quantified data on the calcified tissue
itself.

32.3.2.6 Hemocompatibility

Metallic materials play important roles in the fabrication of medical devices that
need to exist in a hematologic environment chronically, such as stents and
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pacemakers, or temporarily, such as surgical clips for aneurysm ruptures. Therefore,
the hemocompatibility of metals is crucial. The adsorption of platelets onto a
surface can induce thrombus formation, which results in unwanted in-stent
restenosis. Thus, to avoid the unwanted formation of thrombus on the metal surface
of those artificial medical devices, effective surface modification is important.

Femtosecond laser-formed hierarchical periodic micro/nanosurface topography
showed possible anti-thrombosis ability through a platelet adhesion test [18]. It was
shown that the number of platelets attached on nitinol specimens with a hierarchical
periodic micro/nanostructure surface topography was reduced by half compared to
as-polished specimens without surface modification (Fig. 32.4).

Fig. 32.3 The impact of groove surface topographies created by femtosecond laser scanning on
osteogenic differentiation of MSCs cultured on a glass wafer surface with spin-coated polyimide
after alizarin red staining. After 2 weeks of differentiation induction, osteoblast calcium deposition
on each indicated surface was stained with alizarin red. Reprinted from Ref. [71]. Copyright 2016,
with permission from Elsevier
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32.3.3 In Vivo Studies

One of the distinct weaknesses of in vitro study is that it is difficult to replicate
precise conditions of living organisms using cell culture. Therefore, in vivo studies
are usually employed following in vitro study as the ultimate assessment to offer a
conclusive insight about the compatibility of biomaterials and their overall effects in
a living organism. In vivo studies have two forms: animal studies and clinical trials.

As the surface modification with femtosecond laser modification is a
still-emerging unique technology, information is extremely lacking concerning its
in vivo performance. An animal study [64] is presented as one example, where it
was reported that zirconia dental implants with 30 lm wide hierarchical periodic
surface topography fabricated by femtosecond laser irradiation showed an improved
bone-to-implant contact value in dog mandible after 90 days. However, conclusions
concerning the potential performance of materials altered by this method are in
urgent need of further evidence in vivo.

Fig. 32.4 Platelet adhesion onto the different surfaces after 30 min of incubation with
platelet-rich plasma: a as-polished, b nano-, and c micro/nanosurface. Scale bars, 50 lm.
Platelets are indicated by yellow arrows. The data represent the mean ±SD, * p < 0.05 (multiple
comparison analysis). Reprinted from Ref. [18]. Copyright 2016, with permission from Elsevier
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32.4 Future Developments and Applications

As a cutting-edge technology, femtosecond lasers have been utilized for surface
modification of metallic and inorganic materials for biomedical applications.
Present research results show that the unique periodic surface topography created
by femtosecond laser irradiation affects the biocompatibility of metallic and inor-
ganic materials. This method is thought to be a hopeful surface modification
strategy to fabricate materials with novel structures for biomedical applications.
However, a systematic comparison of cellular responses to substrates with distinct
topographies has not been carried out completely.

The details concerning surface properties and biocompatibility of materials after
femtosecond laser irradiation still need to be thoroughly investigated. For example,
the data concerning the scale effect on surface wettability and biocompatibility
should be investigated in more detail in vitro. More importantly, information about
the stability and biocompatibility of specimens with femtosecond laser surface
modification should be further studied in vivo.

Knowing that cellular responses depend on the size of a material’s surface
topography, controlling the scale of surface topography could be a key element to
controlling cell function. This could be a proper technology for fabricating specific
artificial devices with complicated structure to meet various surface modification
demands. For example, dental implants require promotion of osseointegration
between the dental implant and surrounding bone tissue, while less cell attachment
is necessary for implant abutments, the connectors between the crown and implant.
Another example is that artificial joints require better osseointegration for stem (hip
implant) and socket (acetabular shell) parts, while less abrasion and tissue attach-
ment are required for the femoral head. Through surface modification with a
femtosecond laser, varying surface properties on artificial devices could be fabri-
cated through a one-step treatment.

32.5 Concluding Remarks

In this chapter, surface modification to metallic and inorganic materials by the
emerging technology of femtosecond laser irradiation has been reviewed. A unique
periodic surface topography through one-step process formed by femtosecond laser
scanning is thought to be a hopeful surface modification technology for fabricating
metallic and inorganic materials with novel structures, especially for use in
biomedical applications.

Ti and TiO2 were used as model substrates for metallic and inorganic substrate,
respectively. Femtosecond laser-treated surfaces have scale-independent effects on
surface wettability and cellular behavior. Through controlling the unique periodic
surface topography of the material, cell adhesion, proliferation, and differentiation,
as well as calcification and hemocompatibility were regulated in vitro. A relative
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in vivo study showed that this unique hierarchical periodic topography could also
be effective for regulating biocompatibility with bone tissue.

However, because femtosecond lasers are a new technology for surface modi-
fication of metallic and inorganic materials, detailed information concerning its
effects on biocompatibility and chemical properties like stability is lacking.

Regardless of the lacking information, based on present research results, surface
modification with femtosecond laser seems to be an effective technology for cre-
ating unique hierarchical periodic surface topography on metallic and inorganic
materials. Through this surface treatment, the scale of surface topography can be
controlled with a one-step modification and has positive effects on the control of
biocompatibility, which should prove very useful in further medical applications.
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Chapter 33
Surface Modification
with Hydrothermal–Electrochemical
Technique

Nobuhiro Matsushita

Abstract A sodium-contained amorphous titanium oxide layer having nano size
mesh-like structure was fabricated on TiCuZrPd and TNTZ substrates by three
different processes using alkaline solution. XPS result suggested that TiCuZrPd
samples surface-modified by hydrothermal–electrochemical (HE) process exhibited
the much less toxic Cu content than the original substrate composition, which is
favorable for implant material. HE-processed TiCuZrPd sample had intermediated
layer in which the structure was gradually changed to thickness direction with a
widely diffused interface and it caused strong adhesion of hydroxyapatite layer. The
nanomesh structure formed on TiCuZrPd substrate by HE process exhibited enough
bioactivity in vitro test to form hydroxyapatite on their whole surface after
immersing in SBF for 12 days. The surface chemical composition affects the apatite
induction ability of TNTZ samples. The surface incorporation of fewer niobium
species exhibited hydrophilic condition. The HE treated TNTZ sample at 90 °C for
2 h had a rough surface with fewer Nb content and it exhibited enough high
bioactivity without forming any cracks or peeling.

Keywords Solution process � Bio-active surface � Titanium bulk metallic glass �
Ti-Nb-Ta-Zr � Hydroxyapatite

33.1 Introduction

Titanium and its alloys have been investigated for long years as bone implant
materials due to their superior biocompatibility, high corrosion resistance, and high
strength-to-weight ratio. However, their high original Young’s modulus exceeding
100 MPa provides cause of the bone resorption and the material exhibiting the
Young’s modulus closer to the bone have being investigated to date [1–6]. One of
the promising candidate for the implant is Ti-based bulk metallic glass families such
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as Ti-Cu-Ni-Co [7], Ti-Cu-Ni-Zr [8], Ti-Cu-Ni-Zr-Be [9]. However, they contain
some toxic elements, Ni and/or Be in order to provide good glass-forming abilities,
and thus restrict their practical application in biomedical field. Zhu S.L. et al.
invented Ti-36Cu-10Zr-14Pd (TiCuZrPd), which is a toxic element free Ti-based
BMG [10]. On the other hand, Niinomi et al. invented the b phase titanium alloy,
Ti-29Nb-13Ta-4.6Zr (TNTZ) [11]. Since its Young’s modulus of around 70 MPa is
closer to that of the cortical bone, it can be also recognized as promising candidates
for implant materials in next generation.

These Ti alloys, TiCuZrPd, and TNTZ having both of moderately low Young’s
modulus and high corrosion resistances are suitable for implant materials. However,
despite favorable mechanical properties, these alloys surfaces exhibit low bioac-
tivity and cannot be joined directly to human bone due to their high chemical
stability. Therefore, it is essential to attain biocompatibility (such as bone inducing
ability) of these materials by means of ceramic coating on their surfaces.

One popular modification process to form ceramic coating on Ti alloys is alkali
solution treatment. It enables the fabrication of a bioactive titanate layer by soaking
a sample in a highly alkaline solution. There are several articles which reported the
fabrication of bioactive surface layer using alkaline solutions [12–14].

In this study, three of alkaline solutions were investigated to fabricate oxide
layers having high bioactivity on Ti alloys surfaces. They were conventional
hydrothermal (H) and electrochemical (E) process and a novel one of their com-
bination named as Hydrothermal–electrochemical (HE) process [15]. This HE
process is environmentally friendly because it can perform below 150 °C without
using an energy consuming vacuum system, and this process enables to create
bioactive oxide layer on Ti alloys surfaces efficiently.

This technique has the advantage of a processing temperature typically less than
423 K, which is low enough to avoid the crystallization of amorphous TiCuZrPd
and the phase change of TNTZ from b to a. This advanced technique is also
enabled to control the composition of surface oxide layers to attain better bio-
compatibility. It was possible to create the oxide layers with less Cu component on
TiCuZrPd substrate and that with less Nb component on TNTZ substrate, which
would be favorable for less toxic and higher hydrophilic surface which are required
for the implant material.

The bioactivities of H, E, and HE treated samples were also evaluated by SBF
test. Not only bioactivity but also the structural and compositional characteristics of
the modified layer were also compared to each other. The effects of the morphology
and chemical composition of the surface layers upon the apatite induction ability
were also investigated.
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33.2 Surface Modifications on TiCuZrPd and TNTZ
Substrates

33.2.1 Pretreatments

A foil of TiCuZrPd 0.07 mm in thickness was fabricated by arc-melting a mixture
of pure metal (>99.9%) in an argon atmosphere [16]. Each substrate was cut into
10 � 40 mm2 in size and was degreased prior to all treatments. The degreasing was
carried out by sonication in acetone for 10 min, rinsing with distilled water
(Millipore Milli-Q), and then drying at ambient temperature. Almost the same
pretreatment was conducted for a platinum substrate (Tanaka Kikinzoku), 10 � 50
� 0.5 mm3, and was used as the cathode. These electrodes were immersed in the
electrolyte of 1 and 5 M NaOH aqueous solution and hydrothermally treated at 90–
150 °C for 2 h. After the treatments, the substrate was rinsed with deionized water
and finally dried at 80 °C for 20 min in air. After each treatment, the specimens
were washed with distilled water to remove the alkali, and finally dried at 60 °C for
24 h in air.

TNTZ round bar was first hot forged at 1273 K under Ar atmosphere, and hot
rolled under the condition of rolling reduction ratio of 80%. After that, TNTZ was
subjected to solution heat treatment at 1013 K for 3.6 ks [17]. TNTZ was then
formed in disk plates with a diameter of 10 mm and a thickness of 1 mm.
The TNTZ disk plates were then polished using rotating polishing machine with
emery of a grid of #500 to remove any undesirable contaminations left. It is also
degreased prior to the start of the experiment by sonication in acetone for 10 min,
rinsing with distilled water, and drying at the ambient temperature.

33.2.2 Solution Processes

The hydrothermal–electrochemical apparatus was used for all H, E and HE pro-
cesses. The photographic image and schematic illustration of hydrothermal–
electrochemical system used in this study are shown in Fig. 33.1a, b. It was
composed of the autoclave and electrochemical electrodes.

H process is one of the solution processes which is conducted under high
pressure. It is widely known since it can create chemically uniformed component
[18]. H process in this study was carried out in 40 ml of NaOH solution at different
concentration of 0.2–5 M. The operating temperature was ranged from the room
temperature to 200 °C. The pressure inside the container was approximately 1 and
7 Pa/atm for the treatment at 90 and 150 °C, respectively.

The E process was performed in the same solution for the same duration as the H
process given above. The aim of this process was to attain a strong adhesive
strength between the TiCuZrPd or TNTZ substrates and formed oxide layers. The
TiCuZrPd or TNTZ substrates and a platinum plate were suspended as the working
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and the counter electrodes, respectively, maintaining their separation distance at
around 40–60 mm constant. The constant dc electric current density of 0–200 mA/
cm2 was applied using the constant current mode of KEITHLEY 2400 Source
Meter between the electrodes whose active surface areas immersed in the electrolyte
were 3 cm2.

The HE process was conducted H and E processes simultaneously. In this
process, the hydrothermal and electrochemical conditions were the same as the
conditions given above for the H and E process except the reaction time. The
reaction time varied between 0.5 and 2 h. This novel HE process was proposed by
Yoshimura and his group members [19]. The samples treated by this process had a
widely diffused intermediate layer at the interface between metallic substrate and
formed oxidized layers. They named the structure having this widely diffused
intermediate layer as “Growing Integration Layer (GIL)” which works to improve
the adhesion performance at the interface between ceramic and metallic materials
and to avoid the accumulation of thermal residual stress in the ceramic layer.
The GIL is formed from a reactive component of the metallic substrate by chemical
and electrochemical reactions. In particular, in the case of titanium alloy, like
TiCuZrPd or TNTZ, the hydrothermal–electrochemical technique is one of the most
adaptable processes for the formation of the GIL layer, since they contain active
component of Ti as the major element. For the treatments of highly
corrosive-resistant TNTZ substrates, the 0.17 mass% of NH4F was added to the
solution to create a rough surface and thus provide a large surface area, which is
believed to be suitable for apatite induction [20, 21].

Ag/AgCl

Ag
0.1 M KCl Bleed valve

Liquid junc on
Cooling water

PTFE
PTFE vesselThermocouple

Nichrome Heater Solu on
CEWE

N2 Gas

(a) (b)

Fig. 33.1 a Photographic image and b schematic illustration of hydrothermal–electrochemical
technique
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33.2.3 Measurements and Evaluations of Samples

X-ray diffraction (XRD) measurements were performed using MXP3VA (MAC
Science, Japan) or RINT2100 vertical type (Rigaku, Japan) with monochromatized
CuKa radiation at wavelength k = 1.5418 Å, an acceleration voltage of 40 V and a
current of 20–40 mA.

The SEM images of the specimens were taken with a Hitachi SP 4500 scanning
electron microscope operating at 15 kV. The elemental composition of the titanate
nanomesh layer was characterized by energy dispersive X-ray spectroscopy (EDS).
The sample surface was analyzed with Raman spectroscopy, using a T64000
Jobin-Yvon spectrometer with an Ar laser (k = 514.5 nm) operated at 50 mW.

The bioactivity of the surface is easily measured by the simulated body fluid
(SBF) test [22]. SBF solution, which is modeled after our body plasma, has been
served as a very useful tool to anticipate its bone bonding activity in vitro situation.
If samples induce apatite on their surface, it means that these samples have
bioactivity since the first step of bone bonding is dependent on apatite induction.
Therefore, SBF has been used extensively to examine bioactivity because it is not
expensive and also easy to detect bioactivity. In short, SBF test is a very effective
way to detect bioactivity before proceeding clinical test.

The SBF was prepared by dissolving reagent grade NaCl, NaHCO3, KCl,
K2HPO4�3H2O, MgCl2�6H2O, CaCl2, and Na2SO4 in distilled water, and buffering
it at pH 7.4 with tris-aminomethane and hydrochloric acid [23]. The ion concen-
trations and pH of the solution were almost equal to those of human blood plasma.
The solution treated specimens and bare TiCuZrPd and TNTZ substrates were
immersed in 30 mL of SBF in a polypropylene vial, and stored in an incubator at
37 °C for 2, 7, and 12 days. The specimen surface was later rinsed with distilled
water followed by drying in air. After the SBF immersion test, the samples were
gently rinsed with ultrapure water and dried at 40 °C.

33.3 Surface Modifications by Solution Processes

33.3.1 TiCuZrPd Samples

Figure 33.2 shows the SEM micrographs of (a) raw material, treated by (b) H, (c) E
and (d) HE process in 5 M NaOH solution. Nanowire arrays have been uniformly
formed on a large scale on the substrate. These nanowire arrays with diameters of
tens of nanometers were named as “nanomesh layer”. It is interesting to note the
similarities in the morphologies of these samples which were treated in high
alkaline conditions of 5.0 M. This result suggested that all of these processes
enabled to fabricate nanomesh layers on the surface of TiCuZrPd. The crystalline
phases of the nanomesh materials were examined using X-ray diffractometer.
Figure 33.3 shows X-ray diffraction patterns of H-, E-, and HE-processed samples,
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respectively, in 5.0 M of NaOH solution for 2 h in addition to the bare TiCuZrPd
substrate. Only the broad diffraction peak of the substrate at 2h = 42° was observed
and no sharp peak corresponding to a crystalline phase could be detected. This
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Fig. 33.2 Surface SEM images of raw substrate and the samples treated by H, E and HE
processes using different concentrations of alkaline solution of 0.2, 1.0 and 5.0 M
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TiZrCuPd substrate, and the
samples treated by H, E and
HE processes
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result suggested that the TiCuZrPd substrate maintained its amorphous structure
even after all treatments.

The composition of these nanomesh layers was characterized using Raman
spectroscopy and XPS. Figure 33.4 shows Raman spectra of the H-, E- and
HE-processed samples. Obvious peaks were observed only for the HE-processed
samples. Unlike the other two processes, the HE process may promote the for-
mation of nanomesh layer and thus specific peak was obtained in this case. The
peak obtained around 300 cm−1 is similar to that of titanate nanowires, which was
reported by Zárate et al. [24] and Gao et al. [25].

The XPS results of the E-, H-, and HE-processed samples are listed in
Table 33.1. XPS analyses show that large amount of Ti, O2, and Na suggested the
presence of sodium titanate in the nanomesh layer.

There were significant differences in chemical composition among the samples
treated by E, H, and HE processes. The Cu is incorporated originally in TiCuZrPd
substrate to attain glass-forming ability, but it is an element known for its cyto-
toxicity. XPS result suggested also that the Cu content was drastically decreased for
HE-processed samples. This phenomenon seemed to be closely related to the for-
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Fig. 33.4 Raman spectra for
the sample X-ray diffraction
patterns for the bare
TiZrCuPd substrate and the
samples treated by H, E and
HE processes using 5 M
NaOK solution

Table 33.1 Results of chemical composition of upmost surface of the treated sample

Ti Na Zr Cu O Pd

Hydrothermal electrochemical 17.78 2.62 0.56 0.49 78.55 Nu

Hydrothermal 18.24 5.05 0.72 8.19 67.81 Nu

Electrochemical 21.01 2.34 0.32 3.93 72.41 Nu
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mation mechanism of sodium titanate layer. According to the potential-pH dia-
grams of pure Ti, Zr, and Cu, they are dissolved in the alkaline solution and exist as
anions such as HTiO−, HZrO−, and CuO2

2− [26]. However, only the HTiO− can
form insoluble sodium titanate by reacting with Na+, followed by the precipitation
on the surface of the alloy. In the case of H and E treatment, the formation rate was
slower than that of HE one. Therefore, the dissolved Cu ions existing in the vicinity
of the surface were incorporated into the surface layer. This mechanism indicates
that the combination of H and E process could fabricate low Cu cytotoxicity
bioactive nanomesh layer.

Finally, the bioactivity of the surface-modified TiCuZrPd substrate was exam-
ined for in vitro test. The titanate nanomesh layer induced the formation of
hydroxyapatite when immersed in the SBF, demonstrating that the biologically inert
surface of the BMG was converted into a bioactive surface. Figure 33.5 shows
SEM images of the samples treated by (a) H, (b) E and (c) HE process and
immersed in SBF for 12 days. The hydroxyapatite formation in the network surface
was confirmed for all samples. The Ca/P ratio identified by means of energy dis-
persive X-ray spectroscopy was to be 1.70–1.74 which is nearly equal to the
stoichiometric composition 1.72 of hydroxyapatite. These results suggested that the
nanomesh layers fabricated by any of the three processes have enough bioactivity to
form hydroxyapatite in the network.

However, hydroxyapatite layers produced by H and E process were easily peeled
off after drying samples for several days as seen in their surface SEM images in
Fig. 33.6a, b. On the contrary, the layer fabricated by HE process exhibited uniform

HAp: Ca10(PO4)6(OH)2

[Ca] / [P] = 1.67

Ca/P 1.70

15 mm

(c)HE 

Ca/P 1.72(a)H

15 mm

Ca/P 1.74(b)E 

15 mm

Fig. 33.5 SEM images of the samples treated by a hydrothermal, b electrochemical and
c hydrothermal–electrochemical processes and immersed in SBF for 12 days
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layer strongly adhered on the substrate and kept its structure as seen in Fig. 33.6c.
This can be explained by the presence of interfacial surface diffusion between the
TiCuZrPd substrate and the oxidized nanomesh surface layer. The cross-sectional
SEM images for the samples show that only the boundary surface has remained for
the sample treated by (a) H and (b) E processes, while no boundary was observed
between nanomesh layer and the TiZrCuZr substrate in the case in (c) HE process.
The HE-processed sample having intermediated layer in which the structure was
gradually changed to thickness direction. This “intermediated layer” with a widely
diffused interface worked to exhibit strong adhesion of hydroxyapatite layer.
The HE process allowed the formation of this unique structure, which Yoshimura
et al. named as “growing integration layer (GIL)” [19]. This result indicated that HE
process improved the adhesion performance at the interface between ceramics and
metallic materials which is a quite important to design implant materials.

XRD patterns of the titanate nanomesh after SBF immersion for 12 days
revealed that the formation of the calcium phosphate hydroxide and the peaks at
25.9 and 31.8° correspond to the (002) and (211) planes, respectively, were clearly
observed in Fig. 33.7. Figure 33.8 shows the Raman spectra of the HE-processed
samples after immersion in the SBF for different durations. After 12 days of SBF
immersion, vibration mode peaks were detected at 432, 447, 580, 593, 608, and
962 cm−1, which correspond to the vibration mode of the PO4

3− ion in hydrox-
yapatite [27–29].

The hydroxyapatites were not formed on the bare TiCuZrPd substrate, indicating
that the inertness against the SBF. These results demonstrate that bone-like
hydroxyapatites, well known as bioactive materials, were formed on the titanate

(b) E(a) H
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Inhomo- 
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200 μm 200 μm 200 μm 
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and Strongly 
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Fig. 33.6 Surface and cross-sectional SEM images of oxide layers fabricated on TiZrCuPd
substrate by a hydrothermal, b electrochemical, c hydrothermal–electrochemical processes and left
for 3 days in air
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nanomesh layer [30, 31]. Therefore, titanate nanomesh layers on the TiCuZrPd
substrates have a great potential for exhibiting bioactivity.

33.3.2 TNTZ Samples

Figure 33.9 shows the SEM images of surface morphologies of (a) Raw TNTZ
substrate and TNTZ samples subjected to each solution process. The samples of (c),
(d), (e) and (f), subjected to H and HE process exhibited nanosize mesh-like
structures, wherein the sample (b) subjected to the E process does not show
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Fig. 33.7 X-ray diffraction
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mesh-like structure. Thus, it can be said that the heating factor in the alkali solution
treatment contributes more effectively than an electric factor to form mesh-like
structures which seems to be suitable for apatite induction.

The sample (d) H150-2h has a rougher surface morphology than (c) H90-2h.
That is because higher temperature proceeded the corrosion of the TNTZ sample
surface faster. It was reported that the corrosion rate depends on the reaction
temperature and the higher the temperature is the faster the reaction [32]. The same
tendency can be seen for the TNTZ samples (e) HE90-2h and (f) HE150-2h.
However, even though the processing temperature was the same, the sample (e),
which was subjected to HE90-2h, exhibited a rougher surface morphology than that
of the sample subjected to H90-2h seen in (c). Therefore, it was shown that not only
the hydrothermal reaction but also the electrochemical one corrodes the surface of
the TNTZ sample. Electrochemical reaction contributes to attaining the reaction
energy higher than the corrosion activation energy [33]. The roughness of the
mesh-like structure on sample surfaces was closely related to the process itself in
addition to reaction temperature.

X-ray diffraction (XRD) profiles of the TNTZ samples subjected to different
alkali solution treatments of E, H, and HE at 200 °C for 2 h were shown in
Fig. 33.10. All detected peaks of (110), (200) and (220) peaks were related to the
TNTZ substrate of the b-phase [34], and no peaks originated from the formed
nanomesh layer were observed for every sample. This X-ray peak trend of solutions
treated samples is considered to be due to the amorphous phase of the nanomesh
layer formed on TNTZ surface and/or their small amount compared with substrate
bulk.

Figure 33.11 shows the Raman spectra of the TNTZ sample subjected to E, H,
and HE processes. There was a total of six Raman active mode for the TNTZ

(a) Raw TNTZ (b) E2h

(c) H90-2h (d) H150-2h

(e) HE90-2h (f) HE150-2h

Fig. 33.9 Surface SEM images of raw TNTZ and TNTZ samples subjected to electrochemical
(E), hydrothermal (H) and hydrothermal–electrochemical (HE) processes. a Raw TNTZ: without
any solution treatment, b E2h: electrochemically treated sample for 2 h, c H90-2h and d H150-2h:
hydrothermally treated samples at 90 and 150 °C for 2 h, e HE90-2h and f HE150-2h:
hydrothermal–electrochemically treated samples at 90 and 150 °C for 2 h
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sample subjected to HE150-2h and four of them were shown in Fig. 33.11. The
peak of 278, 439, 645, and 896 cm−1 was assigned to a Ti–O–Na+ stretching
vibration, a Ti–O bending vibration involving threefold oxygen, a Nb–O stretching
vibration, and a Ti–O stretching vibration involving non-bridging oxygen,
respectively. Some of them are coordinated with Na+ ions [35–37]. Therefore, the
surface layer formed on the TNTZ sample subjected to HE150-2h was a
sodium-contained amorphous titanium oxide with a small amount of niobium
oxide. The Ti–O stretching vibration should appear at 905 cm−1 if a crystal phase is
present in the sample [35]. The mesh-like structure fabricated on the TNTZ surface
exhibited the peak shifted away from 905 cm−1, which indicated that they do not
possess crystalline structure, but a distorted structure, probably an amorphous
phase. After the consideration of the both results of Raman spectra and XRD
profiles, the surface nanomesh structures were recognized to be composed of
sodium-contained amorphous titanium oxides. The TNTZ sample subjected to E-2h
exhibited only the peak related to the TNTZ sample (507 cm−1) because the surface
layer was very thin. Each peak intensity corresponds to sodium titanate and was the
strongest for the TNTZ samples subjected to the HE process, followed by those
subjected to the H process and then the E process.

The solution-processed TNTZ samples were soaked in SBF for two weeks and
their apatite induction abilities were compared with each other. The raw TNTZ and
the samples subjected to the E process did not induce apatite as shown in
Fig. 33.12a, b. The surfaces of the TNTZ samples subjected to H90-2h formed
apatite only sparsely as seen in (c), while H150-2h exhibited enough hydroxyapatite
induction ability in (d). On the other hand, a good apatite induction was observed
on the whole surfaces of the TNTZ samples subjected to HE90-2h and HE150-2h as
seen in Fig. 33.12e, f. The ion ratio between calcium and phosphate Ca/P of all the
apatite was also calculated by ICP-AES to confirm the formation of apatite.
Average Ca/P ratio of 2.22 was a little bit higher than stoichiometric composition
(Ca/P = 1.67). It was indicated that these hydroxyapatites contain CaO phase [38],
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HE150-2h)

496 N. Matsushita



and the presence of the CaO phase increased osteoblast NO production and
decreases osteoblast viability.

These SBF tests revealed that each TNTZ sample subjected to different solution
treatments exhibited different apatite induction ability. There might be two main
factors which affect to apatite induction. The first one is the chemical composition
of the sample surface. The quantitative composition analysis using an X-ray pho-
toelectron spectroscopy (XPS) was conducted for all solution treated samples and
their results are listed in Table 33.2. First, the adverse effect of fluoride ion
incorporation into sample was to be investigated since the reaction solution contains
NH4F. However, no fluoride signal was detected on the surface of the TNTZ
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Fig. 33.11 Raman spectra of the TNTZ sample subjected to each alkali treatment

(a) Raw TNTZ (b) E-2h

(c) H90-2h (d) H150-2h

(e) HE90-2h (f) HE150-2h

Fig. 33.12 SEM images of surfaces of TNTZ samples subjected to H processes at 90 and 150 °C
for 2 h (a H90-2h and b H150-2h), E process for 2 h (c E-2h), and HE process at 90 and 150 °C
for 2 h (e HE90-2h and f HE150-2h) after immersion in SBF for 14 days
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samples. Second, the Nb/Ti ratio was the highest on the surface of the TNTZ
sample subjected to the E process, which matches the report by Gao et al. [25].
According to this previous report, Nb species appear on surfaces of the TNTZ
samples which was subjected to anodization, and it made the surfaces of the
samples more hydrophobic and lowers its osteoconductivity. Correspondingly, the
results obtained from this study show the same tendency as that in the previous
report [25]. The water contact angles of the samples treated by each process are
shown in Fig. 33.13. Raw TNTZ shows the highest water contact angle of around
70° indicating quite high hydrophobicity. Likewise, the sample treated by E-2h
showed higher water contact angle than other processes. It is noted that these
samples were also confirmed to have higher amount of Nb species on their surface.
It could be suggested that the existence of Nb species on sample surface was not
favorable for apatite induction. The reason why Nb species appear only when the
TNTZ sample was subjected to the E process had not been made clear, but one
possible explanation is a different reaction mechanism between the H and E pro-
cesses. For the H process, reaction proceeds based on the Gibbs free energy;
therefore, the stability of the final product is decided by the standard producing free

Table 33.2 Chemical compositions of the uppermost surface of TNTZ samples subjected to each
alkali solution treatment obtained from XPS analysis (atomic%)

Ti Nb Ta Zr Na O F Nb/Ti

Raw TNTZ 21.31 7.59 0.58 1.52 0.00 68.99 0.00 0.36

E-2h 17.36 4.11 0.75 0.35 10.75 66.69 0.00 0.24

H90-2h 24.05 3.40 1.39 0.62 19.54 51.20 0.00 0.14

H150-2h 18.42 2.01 0.24 0.41 19.12 59.80 0.00 0.11

HE90-2h 18.60 3.04 0.65 0.79 15.6 61.32 0.00 0.16

H150-2h 18.89 1.88 0.40 0.40 16.33 62.11 0.00 0.10
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energy of each oxide. Since the standard producing free energy of titanium dioxide
(Ti/TiO2 = −440 kJ/mol) is lower than that of niobium oxide (Nb/
Nb2O5 = −350 kJ/mol), titanium oxide is more stable than niobium oxide [26].
Since the most stable oxide exists on the surface of the sample, titanium oxide
appears on the outermost surface of the oxide layer. However, for the E process, the
reaction proceeds based on the standard electrode potential. Since the standard
electrode potential of Ti3+/TiO2 is −0.66 eV is comparable to that of Nb/Nb2O5 of
−0.65 eV [27], these two reactions proceed at almost the same time, and the surface
of the sample is covered by both of titanium and niobium oxides.

Surface roughness was measured on the surface of the TNTZ sample subjected
to each solution treatment to investigate the relationship between roughness and
apatite induction. A laser microscopy was used for the measurements, and the
results are shown in Table 33.3. The Ra value of the TNTZ sample subjected to
H90-2h was 0.155 lm, while that of the TNTZ sample subjected to H150-2h is
0.245 lm. It is speculated that the difference in Ra also affected to the apatite
induction ability. In Fig. 33.12, the surface of the TNTZ sample subjected to
H90-2h induces apatite sparsely, wherein the surface of the TNTZ subjected to
H150-2h apatite on its whole surface. Since low roughness reduces the rate of ion
exchange between the surface of the alkali solution treated TNTZ sample and the
SBF solution, apatite nucleation is less likely to occur [28]. The TNTZ sample
subjected to E-2h exhibits low Ra value and shows no apatite induction, while the
TNTZ sample subjected to HE150-2h exhibits relatively high Ra value and shows
good apatite induction. Therefore, a relatively higher surface roughness is advan-
tageous for inducing apatite.

On the other hand, XPS measurement revealed that the amount of Nb species
might play an important role. Therefore, Nb ratio to the Ti that is the basic alloy’s
component (Nb/Ti ratio) can be considered as the index of chemical composition.
Thus, the relationship between the Ra value and the Nb/Ti ratio for the apatite
induction ability is illustrated in Fig. 33.14. When considered along with the results
obtained from the SBF tests, it is clear that samples with high apatite induction
ability appear at the bottom right of Fig. 33.14, while samples with low apatite
induction ability appear on upper left side of the figure. Since the apatite formation
is based on ion exchange between the surface of the sample and the SBF solution, a
high Ra value corresponding to the large effective surface enhances apatite for-
mation. Therefore, apatite induction is greatly affected by both the surface rough-
ness and chemical composition.
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33.4 Conclusions

A sodium-contained amorphous titanium oxide layer having nanosize mesh-like
structure was fabricated on both of TiCuZrPd and TNTZ substrates using three
different alkali solution treatments of hydrothermal (H), electrochemical (E), and
electrochemical–hydrothermal (HE) processes. Each process creates different sur-
face morphologies and they affect their apatite induction ability and the SBF
soaking tests reveal that the rough mesh-like structure is the most likely to induce
apatite among all the surface morphologies.

XPS result suggested that HE-processed TiCuZrPd samples exhibited the much
less toxic Cu content decreased from the original substrate composition, which is
favorable for implant material. HE-processed TiCuZrPd sample having intermedi-
ated layer in which the structure was gradually changed to thickness direction with
a widely diffused interface worked to exhibit strong adhesion of hydroxyapatite
layer. The nanomesh structure formed on TiCuZrPd substrate by HE process
exhibited enough high bioactivity in vitro test to form hydroxyapatite on their
whole surface after immersing in SBF for 12 days.

The surface chemical composition affects the apatite induction ability of TNTZ
samples. The surface incorporation of fewer niobium species exhibited hydrophilic
condition. The HE treated TNTZ sample at 90 °C for 2 h having a rough surface
with fewer Nb content could exhibit enough high bioactivity without forming any
cracks or peeling.
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Chapter 34
Surface Modification
with Hydrophilization

Kensuke Kuroda

Abstract Corrosion-resistant valve metals, such as Ti, Nb, Ta, and Zr, and their
alloys have attracted much interest as bone substitutes in dental and orthopedic
fields. However, in their pure form, these metals and alloys do not always
encourage hard-tissue growth on their surface in living bodies. Surface character-
istics always influence the biological response at the interface between the implants
and body tissues. Titanium dioxide (TiO2) is known as an osteoconductive material
and it has been shown to exhibit strong physicochemical fixation with living bone.
In this paper, our experimental results using anodized TiO2 coatings are briefly
outlined, including their in vivo evaluation. Based on these results, a comprehen-
sive description of the factors that influence osteoconductivity with respect to the
surface characteristics of the implants is presented, and a new approach to con-
trolling the osteoconductivity of Ti and other valve metals and their alloys by using
hydrothermal treatment is proposed. Furthermore, the hydrophilization of ceramics
such as alumina and zirconia, and polymers such as polyetheretherketone (PEEK)
and polyethersulfone (PES) is discussed. The protein adsorbability of the
surface-treated samples and the osteoconductivity of the protein-adsorbed samples
are also discussed.

Keywords Hydrophilicity � Hydrothermal treatment � Osteoconductivity � Protein
adsorption

34.1 Introduction

Titanium and its alloys are widely used in dental and orthopedic implants. These
materials have high corrosion resistance in saltwater environments and high
chemical stability in the body. They have good biocompatibility and long-term
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success rates of implants are well documented [1, 2]. However, Ti in its pure form
does not always encourage hard-tissue growth onto its surface in living bodies.
Therefore, the development of appropriate surface treatments that encourage bone
formation, such as hydroxyapatite (HAp) and other calcium phosphate coatings [3,
4], has been studied extensively. Such approaches include plasma spraying [5, 6],
sol-gel methods [7, 8], electron beam sputtering [9], ion beam sputtering [10],
cathodic electrolysis [11–13], electrophoretic methods [14, 15], and thermal sub-
strate methods [16–22]. Similarly to HAp, titanium dioxide (TiO2) is also important
as an osteoconductive material because, although it is not a component of natural
bone, it has been shown to exhibit strong physicochemical fixation with living bone
[23]. There are many types of TiO2 coating methods for Ti substrates, as discussed
later [24–34]. The thin oxide films on Ti, formed by the oxidation of Ti substrates,
have high adhesion. Ti has strong affinity with oxygen and it is well known that
very thin TiO2 passivation films are formed under an air atmosphere. Implants with
these coatings are typically presterilized and used without any special treatment
before surgery. Given that the TiO2 coating generally has the high resistance to
biofouling, the attachment and growth of a biofilm followed by the onset of
infectious diseases could be minimized. The surface characteristics of a material
usually influence the biological response at the interface between the implant and
body tissues [35–40]. Coating materials and coating processes designed to improve
osteoconductivity have received special attention; in contrast, while the chemical
characteristics of the coatings have been largely overlooked in manufacturing and
clinical practice. Specific control of the surface properties of implants leads directly
to the control of osteoconductivity. Therefore, it is important that the surface
bioactivity of such implants be maintained until the surgical operation.
Alternatively, a bioactivation treatment can be performed immediately prior to
clinical application.

Herein, the results of our experimental studies on anodized TiO2 coatings are
briefly outlined, including an in vivo evaluation. Based on these results, a com-
prehensive description of the factors that influence osteoconductivity is provided,
and a new approach that can be used to control the osteoconductivity of valve
metals and their alloys by using hydrothermal treatment is proposed. The rela-
tionship between protein adsorbability (albumin and fibronectin) and the osteo-
conductivity of the surface-treated samples are also discussed. Moreover, the
hydrophilization of ceramics, such as alumina and zirconia, and polymers, such as
polyetheretherketone (PEEK) and polyethersulfone (PES), is also described.

34.2 TiO2 Coating (Anodizing in Aqueous Solution)

TiO2 has attracted attention as a surface-coating compound because of its high
osteoconductivity. On the one hand, many pyroprocessing methods for forming
TiO2 coatings on metallic substrates have been reported, including thermal oxi-
dation [24] and physical vapor deposition [25, 26]. On the other hand, hydrocoating
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techniques, such as chemical treatment [27–30] and anodizing [31–34], have also
been proposed as alternative approaches to forming thin-film coatings on metallic
Ti substrates. Oxidation of Ti or Ti-alloy substrates causes a layer of TiO2 to form,
which generally exhibits substantial adhesion between the substrate and the coating.
In this chapter, we focus mainly on anodizing processes for Ti and describe the
currently available techniques in detail. Figure 34.1 shows the typical surface of
anodized films produced on commercial pure Ti plates; the coating conditions and
test results are listed in Table 34.1. All of the samples were evaluated after steril-
ization in an autoclaving unit (121 °C, 20 min), as preparation for in vivo testing.
Mirror-finished Ti plates were prepared by polishing with silicon carbide emery
paper and buffing with Al2O3 particles. Titanium substrates were used as the
working electrode and a platinum coil was used as the counter electrode. Aqueous
acid, alkaline, and neutral solutions were used as electrolytic baths, and the
anodizing potential was increased slowly (0.1 V s−1) to a target potential (Emax) at
25 °C to prevent sparking due to breakdown of the films. The applied potential was
selected to obtain anatase films with the same thickness (120 nm). Anodic elec-
trolysis of Ti gave compact and adhesive thin TiO2 films on Ti substrates in
aqueous solutions. The film thickness depended on both the applied potential and
the nature of the aqueous solution; applying a higher potential produced thicker
films at a given constant temperature in the same type of solution. The thin TiO2

Fig. 34.1 Typical surface of TiO2 films produced on commercially pure Ti plates
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films took on interference coloration, depending on their thickness [41]. The surface
roughness of the samples was evaluated by using the arithmetical means of the
surface roughness (Ra) [42] and measured with a confocal laser-scanning micro-
scope (contactless probing). The measurement area was 150 � 112 lm.
Anatase-type TiO2 was obtained without sparking during anodizing at 100 V in
several different solutions (listed in Table 34.1), and the value of Ra was then
almost identical to that of the initial polished Ti substrates. In addition, the TiO2

films have solute ions (both anions and cations) in the anodizing solution [43, 44].

34.3 Evaluation of Osteoconductivity

The evaluation methods for bioactivity and/or osteoconductivity of implants are
classified into in vitro and in vivo methods. In this chapter, the in vivo evaluation
method is described. For in vivo evaluations, many types of animals of different
ages have been used previously, and different researchers have used different
implantation sites in the animals. Different evaluation methods have also been
employed, such as mechanical assessment (pull-out, push-out, torsion and abrasion
tests) and biological assessment (histological, CT, MRI and other imaging tech-
niques). However, a unified quantification criterion has not yet been established,
and the different criteria used in various studies are incompatible. Therefore, we
used the bone implant contact ratio (BIC) as an osteoconductive index, based on the
observation of bone tissue on the implants using an optical microscope, to assess
samples 14 days after implantation in the tibiae of 8-week-old male rats. The BIC
was determined by the linear measurement of bone in direct contact with the
implant surface as shown in the following equation.

BIC ð% ) =
sum of the length of the part of bone formation on the implant surface

total implant length
� 100

The sum of the length of bone formation on the implant surface was measured,
and the BIC was expressed as a percentage of the total implant length in the
cancellous and cortical bone regions [20–22]. Significant differences in BIC were
examined statistically by using the Tukey–Kramer method [45]. The results were
considered significant when p < 0.05.

34.4 Factors that Influence Osteoconductivity

It is well known that many factors influence the osteoconductivity of implants;
these include surface roughness and morphology [36, 39, 46], film thickness [47],
crystal structure [48], crystallinity and hydrophilicity. However, many researchers
have reached different conclusions based on in vitro evaluations, and have not
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reached agreement. Our previous research based on in vivo testing revealed the
following points with respect to osteoconductivity:

(i) Differences in the crystal structure of TiO2 (anatase and rutile) did not
influence osteoconductivity (Fig. 34.2) [49].

(ii) The osteoconductivity of thermally oxidized samples (anatase and rutile) was
as low as that of as-polished samples (Fig. 34.2) [49]. That is, the use of
thermally oxidized TiO2 did not contribute to an improvement in
osteoconductivity.

(iii) The surface roughness of TiO2 has been reported to influence the osteo-
conductivity, but this tendency was not seen in samples with Ra values in the
range 0.3–1.5 lm (Fig. 34.3). On the one hand, the BIC within this Ra
region was as low as that of as-polished samples [43]. On the other hand,
samples with Ra < 0.3 lm had a higher BIC of nearly 40% after anodizing
in H2SO4 aqueous solution. However, this tendency was not seen in the
thermally oxidized and as-polished samples [49].

(iv) There was not always a correlation between the crystallinity of the TiO2 films
and osteoconductivity. However, amorphous anatase films, formed by
anodizing in a high content H3PO4 aqueous solution, had very high BIC
values (Fig. 34.4) [50].

(v) Anions and cations, included in the anodizing bath and evident in the
resulting TiO2 films, did not influence the osteoconductivity [51], as dis-
cussed below.

As noted above, there is almost no doubt that many complex and interrelated
factors influence osteoconductivity. A broad consensus on the influence of these
factors has not been reached because their effects have not always been confirmed.
In other words, there is a possibility that other factors that have not yet been noticed
may strongly influence osteoconductivity. Figure 34.5 shows the relationship
between the BIC and the pH value of the aqueous solution used in anodizing [51].
All samples had an anatase film of a single phase and had almost the same Ra and
film thickness to control for the effect of these variables on the osteoconductivity.
Anions and cations were included in the anodizing bath and were also present in the

Fig. 34.2 BIC values of
TiO2 films formed by several
processings. * p < 0.05 (b1),
(b2), (k1), (k2), (m1), (n1), and
(z1) correspond to in
Table 34.1
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anodized TiO2 films. For example, anodized TiO2 films generated in H2SO4 con-
tained SO2�

4 , and films created in NaOH aqueous solution contained both Na+ and
OH−. A comparison of TiO2 films anodized in H2SO4, Na2SO4, and NaOH

Fig. 34.3 Relationship between the surface roughness, Ra, and BIC of anodized TiO2. * p < 0.05
: (a1) : (b1) : (k1) : (z1). (a1), (b1), (k1), and (z1) correspond to in Table 34.1

Fig. 34.4 Relationship between the half maximum full-width of anatase, HMFW, and BIC of
TiO2. * p < 0.05 (a1), (b1), (b4), (b5), (m1), and (o1) correspond to in Table 34.1

Fig. 34.5 Relationship between the BIC and the pH value of the aqueous solution used in
anodizing. * p < 0.05 (a1)–(k1) and (z1) correspond to in Table 34.1
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solutions demonstrated that the presence of SO2�
4 and Na+ did not influence the

BIC. Similarly, a comparison of anodized TiO2 films formed in H3PO4, NaHPO4

and NaOH solutions showed that PO3�
4 did not affect the BIC. However, anodized

TiO2 films created in acidic and alkaline solutions had higher BIC values compared
with films created in neutral pH solutions. The BIC values of TiO2 films formed in
neutral solutions were as low as that of an as-polished sample, which meant that
anodized TiO2 films that formed in neutral solutions did not improve the osteo-
conductivity. From these results, it appears that the pH of the aqueous solution used
in anodizing does influence osteoconductivity. However, the pH value is one of the
coating conditions, and cannot represent the surface characteristics of TiO2 films by
itself. Therefore, we conclude that the pH value does not directly influence the
osteoconductivity, and changes in surface properties resulting from different pH
values caused the observed changes in osteoconductivity.

34.5 Surface Hydrophilicity

34.5.1 Surface Hydrophilicity of TiO2 Films [52]

The factors that influence the osteoconductivity of TiO2 films remain unclear. To
examine the surface characteristics of hydrophilicity and hydrophobicity, the BIC in
the cortical bone region was plotted against the water contact angle (WCA) of TiO2

films (Fig. 34.6a). To perform the WCA measurements, a 2 mL droplet of distilled
water was used. Samples were submitted to TiO2 coating and autoclave sterilization
(121 °C, 20 min), then left for 24 h in an air atmosphere at room temperature
considering the time between coating and implantation. Based on these results, it
is clear that the factors discussed in Chap. 4 had almost no relationship with the
BIC, and samples with a more hydrophilic surface (smaller value of WCA) were
associated with a higher BIC. Therefore, we conclude that the surface character-
istics represented by the WCA appear to influence the osteoconductivity.

34.5.2 Osteoconductivity of TiO2 Films

Given that samples with more hydrophilic surfaces had higher BIC values, we
studied the production of superhydrophilic surfaces on TiO2 coatings and evaluated
their osteoconductivity. In general, hydrothermal treatment in distilled water
removes adsorbed contaminants (mainly hydrocarbons) from the TiO2 surface, and
this cleaning effect creates superhydrophilic surfaces on the TiO2 films. Irradiation
with ultraviolet light or exposure to atmospheric plasma is one of other potential
methods for surface cleaning [53, 54]. In this study, these processes were used to
obtain TiO2 films with superhydrophilic surfaces. The change in WCA over the
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processing period is shown in Fig. 34.7. For TiO2 samples produced by anodizing
Ti substrates in 0.1 M H2SO4 at 100 V, sterilization by autoclaving, and drying for
24 h in air, the initial WCA was approximately 30°. This value changed to less than
15° after hydrothermal treatment (180 °C), ultraviolet irradiation (Hg–Xe lamp,
250 nm wavelength), and atmospheric plasma irradiation (N2 operating gas,
500 W), although the rate of change was different for each technique. In particular,
atmospheric plasma irradiation rapidly reduced the WCA to less than 10°. X-ray
photoelectron spectroscopy (XPS) analysis revealed that, although the amount of
adsorbed hydrocarbon decreased in all cases, not every process introduced
hydrophilic functional moieties, such as –OH groups. The surface-cleaning effect
created the hydrophilic surface. In this study, it was found that hydrothermal
treatment could be used to generate uniform hydrophilicity over the entire implant
surface, which can have complex shapes and topographies. After superhydrophilic
surfaces are prepared, it is important to maintain the surface properties until
implantation, because surface hydrophilicity can be lost easily over time, as
reported by Att et al. [55]. Therefore, hydrophilic (cleaned) surfaces should be kept
in an environment that does not contain hydrocarbons, such as under vacuum or in
an aqueous solution. Keeping in mind that the implants are handled in air in surgical
operations, samples were kept in an aqueous environment in this research. It can be
expected that storage in an aqueous solution containing a high concentration of
anions and cations will maintain hydrophilicity, and this also encourages the
adsorption of these ions in preference to trace hydrocarbons that may be present.
Figure 34.8 shows the effects of different storage environments on the variation in

Fig. 34.6 Relationship between the WCA and BIC value of a anodized TiO2 and b valve metals
and alloys. ■: hydrothermally treated at 180 °C for 180 min in distilled water and then stored in
PBS(-) solution, ◆: hydrothermally treated at 180 °C for 180 min in distilled water and then
stored in 5 � PBS(-) solution. * p < 0.05. (a), (b), (d), (e), (f), (h), (k), and (z) correspond to in
Table 34.1. (1) Ti, (2) Nb, (3) Ta, (4) Zr, (5) Ti-29Nb-13Ta-4.6Zr, (6) Ti-13Cr-1Fe-3Al,
(7) Ti-6Al-4 V, (8) Ti-6Al-7Nb
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WCA over time for TiO2 samples that were treated hydrothermally at 180 °C for
180 min. The reasons why processing conditions by hydrothermal treatment were
selected for these tests were as follows.

(i) Hydrothermal treatment at more than 150 °C (but less than 210 °C) for less
than 180 min resulted in a WCA of 15°.

(ii) Hydrothermal treatment for more than 180 min did not result in any decrease
in the WCA. In addition, we confirmed that general sterilization by using an
autoclaving unit (121 °C, 20 min) did not achieve these WCA values.

The WCA values of the samples varied greatly according to the storage con-
ditions and the period of storage. Irrespective of whether a sample was
hydrothermally treated, storage in air caused a continuous increase in the WCA as
the storage period increased, which resulted in similarly high WCA values for all
samples after 168 h (Fig. 34.8a). Storage in distilled water also caused the WCA to
increase slightly (Fig. 34.8b). However, storage in PBS(-) solution (8 gL−1 NaCl,
0.2 gL−1 KCl, 1.44 gL−1 NaH2PO4, 0.24 gL−1 KH2PO4, pH 7.4), which provides
the same wet environment as distilled water, reduced the WCA of the as-anodized
Ti (○ in Fig. 34.8c, d). This tendency was enhanced both when the sample was
hydrothermally treated and when it was stored in a higher concentration of 5 � PBS
(-) solution (● in Fig. 34.8c, d). When samples were stored in solutions containing
concentrations higher than 5 � PBS(-), the WCA values did not decrease any
further. Na+ and Cl− ions, which are the main components of PBS(-), were detected
on the surfaces of the samples stored in the PBS(-) solution. All of these solute ions

Fig. 34.7 Change in WCA
with the processing time of
anodized TiO2 in 0.1 M
H2SO4. a Hydrothermal
treatment in distilled water,
b ultraviolet light irradiation,
and c atmospheric plasma
irradiation
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were adsorbed on the surfaces of the samples, irrespective of the type of ion or the
pH of the solution, consequently reducing the WCA values. There were no dif-
ferences between the types of solute ions with respect to their capacity to reduce the
WCA, but when the samples were immersed in 5 � PBS(-) solution, the Na+ and
Cl− ions were adsorbed more markedly on the surfaces of the samples because their
concentrations in the solution were high. In general, it was found that storing
samples in 5 � PBS(-) solution effectively maintained the superhydrophilic surface
for an extended time. The osteoconductivity of these coatings was then evaluated
by using in vivo tests. Before surgery, all of the implants were cleaned in normal
saline solution and immediately implanted in the tibiae of 8-week-old male rats.
The BIC values are plotted in Fig. 34.6a (■, ◆). These values are on the line
extrapolating the BIC values for the as-anodized samples (○). Each of the
hydrothermally treated samples showed quite high BIC values, up to 48 and 58%,
which were approximately four times higher than the BIC for the as-polished
surface. This indicates that the hydrophilic surface had significant osteoconduc-
tivity. In particular, the very high BIC in the sample with WCA < 10° is particularly
noteworthy.

Fig. 34.8 Changes in WCA on the Ti samples processed with different surface modifications (○:
as-anodized; ●: hydrothermally treated at 180 °C for 180 min in distilled water) and then stored
under different conditions for different periods: a in air; b in distilled water; c in 1 � PBS(-)
solution; and d in 5 � PBS(-) solution
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34.6 Applications

34.6.1 Superhydrophilic or Hydrophobic Surface of Valve
Metals

In Sects. 34.5.1 and 34.5.2, hydrophilic surfaces on TiO2 films were described. In
this section, we examine the osteoconductivity of polished valve metals (Ti, Nb, Ta
and Zr) and their alloys (Ti-6Al-4V, Ti-6Al-7Nb, Ti-29Nb-13Ta-4.6Zr,
Ti-13Cr-1Fe-3Al, and Zr-9Nb-3Sn; mass%) with either hydrophilic or hydrophobic
surfaces, in the presence or absence of coating films [56–59]. Hydrothermal
treatment in distilled water was again selected to produce the hydrophilic surfaces
because anodizing of Nb, Ta, Zr, and Zr alloys did not generate the hydrophilic
surface, although the anodized TiO2 coating displayed hydrophilic characteristics.
Hydrothermally treated samples were stored in 5 � PBS(-) solution. Hydrophobic
surfaces were obtained by using thermal oxidation at 250 °C or by storing the
sample at room temperature after the above hydrothermal treatment. Figure 34.6b
shows the correlation between WCA and the osteoconductivity of treated valve
metals and alloys. All of the samples had hydrophilic (WCA < 10°) or hydrophobic
surfaces, and the WCA value was as low as that of hydrothermally treated TiO2

films. The BIC values of the hydrophilic samples were also as high as that of
hydrophilic TiO2. These results indicate that the formation of hydrophilic and
hydrophobic surfaces leads to higher osteoconductivity, rather than the inclusion of
osteoconductive substances such as HAp, TCP (tricalcium phosphate), and TiO2.
The results also show that the hydrothermal treatment can improve the osteocon-
ductivity of valve metals and alloys dramatically.

34.6.2 Protein Adsorbability of Superhydrophilic
or Hydrophobic Surface

Protein adsorption is considered to have a strong influence on the biological
reactions of bone substitute materials. In this section, we describe the production of
protein-adsorbed Ti implants as a demonstration of the application of superhy-
drophilicity arising from hydrothermal treatment. Fibronectin, which is known to
act as a cell adhesive protein, and albumin, which is not adhesive, were selected as
test proteins. The proteins were dissolved in distilled water (25 mg mL−1 in
albumin and 0.5 mg mL−1 in fibronectin) and separately adsorbed on the hydro-
philic and hydrophobic surfaces for 60 min. The amount of adsorbed protein was
evaluated by analyzing the peptide peak in proteins by FT-IR (ATR mode).
Figure 34.9 shows the protein adsorbability of surface-treated Ti samples with
various WCAs and the osteoconductivity of the protein-adsorbed samples [60].
WCA correlated with the amount of adsorption of the protein, and both hydrophilic
and hydrophobic surfaces had significant levels of protein adsorbability. The WCA
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of the protein-adsorbed samples was approximately 45° and 65° for fibronectin and
albumin, respectively. The protein-adsorbed samples had high BIC values even
though they did not possess superhydrophilic surfaces [61]. Therefore, it may be
concluded that the hydrophilic and hydrophobic surfaces display high osteocon-
ductivity because they have a higher tendency to adsorb proteins. The high
osteoconductivity of the albumin-adsorbed sample is particularly noteworthy [62]
because it indicates that the nature of the protein (cell adhesive or not adhesive)
may not determine the osteoconductivity.

34.6.3 Superhydrophilic Surface of Ceramics and Polymers

Many kinds of ceramics (Al2O3, ZrO2) and polymers (PTFE, PEEK, PLGA) have
been used in dental and orthopedic fields and many of them have hydrophobic
surfaces. For ceramics, hydrothermal treatment, irradiation with ultraviolet light
(173 nm), or the application of atmospheric plasma have been found to be effective
for the hydrophilization of the sintered body of ceramics, such as aluminum oxide
(Al2O3), zirconium oxide (ZrO2), and titanium oxide (TiO2). However,
hydrophilization of polymers cannot be achieved by using these processing tech-
niques alone. Polymers acquire superhydrophilicity by applying a two-step treat-
ment, including the disconnection of chemical bonds and immobilization of
hydrophilic groups (e.g., –OH and –COOH) that are present. The method selected
for the disconnection of the chemical bonds has to overcome chemical reaction
barriers. We could generate superhydrophilicity on PEEK, which is known as a
superengineering plastic and is used as an intervertebral spacer, by using the
combination of immersion in concentrated H2SO4 and irradiation with ultraviolet
light at 173 nm [63]. The hydrophilicity of the treated ceramics and polymers was

Fig. 34.9 Relationship
between the WCA and a BIC
value of all samples and
b protein adsorption (peptide
intensity). ●: fibronectin and
▲: albumin
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lost upon storage under air in the same manner as hydrothermally treated Ti;
therefore, a controlled storage environment was required to maintain their super-
hydrophilicity. The treated ceramics and polymers with superhydrophilic surfaces
acted exactly as described for hydrophilic Ti; e.g., the samples could adsorb pro-
teins and medical agents.

34.7 Conclusion

A comprehensive description of the factors influencing osteoconductivity using
TiO2 coatings has been presented, and a new approach for controlling the osteo-
conductivity of valve metals and their alloys has been evaluated. However, research
in this field has so far been limited to a relatively small number of metallic, ceramic
and polymeric materials, and it is clear that further research on this topic needs to be
encouraged. For the further development of biomaterials, the correlation between
the surface characteristics of implants (metals, ceramics, and polymers) and body
tissue must be understood fully. Even when the chemical characteristics of the
surface of the implants are controlled, the resulting material may not be optimal. It
is thought that nothing can compete with these implants during the progress and
development of individual technology. We hope that these important issues can be
addressed by developing new bioactive surfaces (organic and inorganic) and sur-
face modification techniques, and by improving alloy designs for the implants and
related techniques for their construction and use. We conclude that engineering,
especially materials science, has an important role to play in the development of
advanced biomaterials that will fulfill a wide variety of medical requirements.

References

1. R. Adell, B. Eriksson, U. Lekholm, P.I. Branemark, T. Jemt, Int. J. Oral Maxillofac. Implants
5, 347 (1990)

2. D. van Steenberghe, U. Lekholm, C. Bolender, T. Folmer, P. Henry, I. Herrmann, K. Higuchi,
W. Laney, U. Linden, P. Astrand, Int. J. Oral Maxillofac. Implants 5, 272 (1990)

3. L.L. Hench, J. Wilson, in An Introduction to Bioceramics, Chap. 1, ed. by L.L. Hench,
J. Wilson. Advanced Series in Ceramics, vol. 1 (World Scientific, Singapore, 1993), p. 1

4. K. Kuroda, M. Okido, Bioinorg. Chem. Appl. 2012, 730693 (2012)
5. R.M. Pilliar, D.A. Deporter, P.A. Watson, M. Pharoah, M. Chipman, N. Valiquette, S. Carter,

K. De Groot, J. Dent. Res. 70, 1338 (1991)
6. S.W.K. Kweh, K.A. Khor, P. Cheang, Biomater. 21, 1223 (2000)
7. B. Mavis, A.C. Tas, J. Am. Ceram. Soc. 83, 989 (2000)
8. S. Langstaff, M. Sayer, T.J.N. Smith, S.M. Pugh, S.A.M. Hesp, W.T. Thompson,

Biomaterials 20, 1727 (1999)
9. D.H. Kim, Y.M. Kong, S.H. Lee, I.S. Lee, H.E. Kim, J. Am. Ceram. Soc. 86, 186 (2003)

10. T.S. Chen, W.R. Lacefield, J. Mater. Res. 9, 1284 (1994)
11. H. Ishizawa, M. Ogino, J. Mater. Sci. 31, 6279 (1996)

34 Surface Modification with Hydrophilization 519



12. M. Okido, K. Kuroda, M. Ishikawa, R. Ichino, O. Takai, Solid State Ionics 151, 47 (2002)
13. M. Okido, K. Nishikawa, K. Kuroda, R. Ichino, Z. Zhao, O. Takai, Mater. Trans. 43, 3010

(2002)
14. X. Nie, A. Leyland, A. Matthews, Surf. Coat. Technol. 125, 407 (2000)
15. L.A. De Sena, M.C. De Andrade, A.M. Rossi, G.A. De Soares, J. Biomed. Mater. Res. 60, 1

(2002)
16. K. Kuroda, R. Ichino, M. Okido, O. Takai, J. Biomed. Mater. Res. 59, 390 (2002)
17. K. Kuroda, R. Ichino, M. Okido, O. Takai, J. Biomed. Mater. Res. 61, 354 (2002)
18. K. Kuroda, Y. Miyashita, R. Ichino, M. Okido, O. Takai, Mater. Trans. 43, 3015 (2002)
19. K. Kuroda, S. Nakamoto, R. Ichino, M. Okido, R.M. Pilliar, Mater. Trans. 46, 1633 (2005)
20. K. Kuroda, S. Nakamoto, Y. Miyashita, R. Ichino, M. Okido, Mater. Trans. 47, 1391 (2006)
21. K. Kuroda, M. Moriyama, R. Ichino, M. Okido, A. Seki, Mater. Trans. 49, 1434 (2008)
22. K. Kuroda, M. Moriyama, R. Ichino, M. Okido, A. Seki, Mater. Trans. 50, 1190 (2009)
23. R. Hazan, R. Brener, U. Oron, Biomaterials 25, 443 (2004)
24. S. Fujibayashi, M. Neo, H.-M. Kim, T. Kokubo, T. Nakamura, Biomaterials 25, 443 (2004)
25. K.-R. Wu, C.-H. Ting, W.-C. Lie, C.-H. Lin, J.-K. Wu, Thin Solid Films 500, 110 (2006)
26. L.S. Hsu, R. Rujkorakarn, J.R. Sites, C.Y. She, J. Appl. Phys. 59, 3475 (1986)
27. L. Jonasova, F.A. Muller, A. Helebrant, J. Strnad, P. Greil, Biomaterials 25, 1187 (2004)
28. F. Xiao, K. Tsuru, S. Hayakawa, A. Osaka, Thin Solid Films 441, 271 (2003)
29. J.-M. Wu, S. Hayakawa, K. Tsuru, A. Osaka, Scr. Mater. 46, 101 (2002)
30. M. Ueda, M. Ikeda, M. Ogawa, Mater. Sci. Eng. C C29, 994 (2009)
31. Y.-T. Sul, C.B. Johansson, S. Petronis, A. Krozer, Y.S. Jeong, A. Wennerberg, T. Albreksson,

Biomaterials 23, 491 (2002)
32. J.P. Schreckenbach, G. Marx, F. Schlotigg, M. Textor, N.D. Spencer, J. Mater. Sci. Mater.

Med. 10, 453 (1999)
33. B. Yang, M. Uchida, H.-M. Kim, X. Zhang, T. Kokubo, Biomaterials 25, 1003 (2004)
34. L.A. de Sena, N.C.C. Rocha, M.C. Andrade, G.A. Soares, Surf. Coat. Technol. 166, 254

(2003)
35. D. Buser, N. Broggini, M. Wieland, R.K. Schenk, A.J. Denzer, D.L. Cochran, B. Hoffmann,

A. Lussi, S.G. Steinemann, J. Dent. Res. 83, 529 (2004)
36. D.L. Cochran, D. Buser, C.M. Ten Bruggenkate, D. Weingart, T.M. Taylor, J.P. Bernald, F.

Peters, J.P. Simpson, Clin. Oral Implants Res. 13, 144 (2002)
37. C. Eriksson, H. Nygren, K. Ohlson, Biomaterials 25, 4759 (2004)
38. J.-W. Park, K.-B. Park, J.-Y. Suh, Biomaterials 28, 3306 (2007)
39. G.B. Schneider, R. Zaharias, D. Seabold, J. Keller, C. Stanford, J. Biomed. Mater. Res.

A 69A, 462 (2004)
40. G. Zhao, Z. Schwartz, M. Wieland, F. Rupp, J. Geis-Gerstorfer, D.L. Cochran, B.D. Boyan,

J. Biomed. Mater. Res. A 74A, 49 (2005)
41. S.V. Gils, P. Mast, E. Stijns, H. Terryn, Surf. Coat. Technol. 185, 303 (2004)
42. Japanese Industrial Standards, JIS B 0601
43. D. Yamamoto, I. Kawai, K. Kuroda, R. Ichino M. Okido, A. Seki, Mater. Trans. 52, 1650

(2011)
44. J.-H. Lee, S.-E. Kim, Y.-J. Kim, C.-S. Chi, H.-J. Oh, Mater. Chem. Phys. 98, 39 (2006)
45. C.Y. Kramer, Biometrics 12, 307 (1956)
46. G.-L. Yang, F.-M. He, X.-F. Yang, X.-X. Wang, S.-F. Zhao, Oral Surg. Oral Med. Oral

Pathol. Oral Radiol. Endod. 106, 516 (2008)
47. C. Larsson, P. Thomsen, J. Lausmaa, M. Rodahl, B. Kasemo, L.E. Ericson, Biomaterials 15,

1062 (1994)
48. X. Cui, H.-M. Kim, M. Kawashita, L. Wang, T. Xiong, T. Kokubo, T. Nakamura, Dent.

Mater. 25, 80 (2009)
49. D. Yamamoto, I. Kawai, K. Kuroda, R. Ichino M. Okido, A. Seki, Bioinorg. Chem. Appl.

2012, 495218 (2012)
50. D. Yamamoto, T. Iida, K. Kuroda, R. Ichino, M. Okido, A. Sek, Mater. Trans. 53, 508 (2012)

520 K. Kuroda



51. D. Yamamoto, T. Iida, K. Arii, K. Kuroda, R. Ichino M. Okido, A. Seki, Mater. Trans. 53,
1956 (2012)

52. D. Yamamoto, K. Arii, K. Kuroda, R. Ichino, M. Okido, A. Seki, J. Biomater. Nanobiotech.
4, 45 (2013)

53. M.E. Simonsen, Z. Li, E.G. Sogaard, Appl. Surf. Sci. 255, 8054 (2009)
54. K.-X. Zhang, W. Wang, J.-L. Hou, J.-H. Zhao, Y. Zhang, Y.-C. Fang, Vacuum 85, 990

(2011)
55. W. Att, N. Hori, M. Takeuchi, J. Ouyang, Y. Yang, M. Anpo, T. Ogawa, Biomaterials 30,

5352 (2009)
56. M. Zuldesmi, A. Waki, K. Kuroda, M. Okido, J. Biomater. Nanobiotechnol. 4, 284 (2013)
57. M. Zuldesmi, A. Waki, K. Kuroda, M. Okido, Mater. Sci. Eng. C 42, 405 (2014)
58. M. Zuldesmi, A. Waki, K. Kuroda, M. Okido, Mater. Sci. Eng. C 49, 430 (2015)
59. M. Zuldesmi, K. Kuroda, M. Okido, M. Ueda, M. Ikeda, J. Biomater. Nanobiotechnol. 6, 126

(2015)
60. K. Kuroda, M. Okido, Mater. Sci. Forum 879, 1049 (2017)
61. M. Omori, S. Tsuchiya, K. Hara, K. Kuroda, M. Okido, H. Hibi, M. Ueda, Stem Cell Res.

Ther. 6, 124 (2015)
62. Y. Yamaguchi, K. Kuroda, M. Okido, Abstract, in JIM Spring Meeting, Mar 2016
63. K. Kuroda, K. Igarashi, H. Kanetaka, M. Okido, J. Biomater. Nanobiotechnol. 9, 233 (2018)

34 Surface Modification with Hydrophilization 521



Chapter 35
Surface Modification with Micro-arc
Oxidation

Akiko Nagai, Yusuke Tsutsumi and Kosuke Nozaki

Abstract Micro-arc oxidation (MAO) is one of the methods of surface modifica-
tion of metal substrates and is a relatively simple procedure. The MAO surface is
suitable for biomaterials because of its rough complex geometry and the ability to
incorporate various ions. The conditions of MAO coatings can be optimized using
some parameters, such as electrolytes and electrical factors. In this chapter, the
principle of MAO is explained in the first section. The applications of MAO to
biomedical fields are introduced in subsequent sections. The second section
describes the efficacy on bioactivity of metallic biomaterials in vitro. The third
section describes the methodology of in vivo evaluation of the osseointegration
capability of titanium implants. Because direct integration of titanium implant to
bone tissue is closely involved in bone formation around titanium surfaces without
fibrous soft tissue, the evaluation of histological and three-dimensional morphology
of bone tissue is absolutely imperative. Furthermore, the stability of titanium
implants evaluated by mechanical test has an impact on the clinical situation.

Keywords Surface modification � Biocompatibility � Metals � Ceramics �
Micro-arc oxidation
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35.1 Introduction—Method and Principals of Micro-arc
Oxidation (MAO)

Micro-arc oxidation (MAO), which is also known as plasma electrolytic oxidation,
is a high voltage plasma-assisted anodic oxidation process for surface modification
of valve metals. Valve metals, such as aluminum, tantalum, niobium, titanium,
magnesium, and zirconium, can form an adherent, electrically insulating anodic
oxide films after the MAO treatment [1]. The MAO-treated surface obtains
excellent adhesive, strength, friction, corrosion, wear, electrical, and thermal
properties. The coating layer is uniform, and many open and closed pores are
distributed homogenously in the specimen (Fig. 35.1). Because this rough complex
geometry is preferred to biomaterials because it improves fixation of metal in bone
and cellular entry in the material, it has been used for medical applications such as
dental implants.

Because the MAO process includes electrochemical oxidation, plasma chemical
reaction, and thermal diffusion in an electrolyte, the components in the MAO setup,
illustrated in the schematic representation in Fig. 35.2, are immersed in an aqueous
electrolyte. The valve metals serve as anodes, and stainless steel is used as a
cathode in the electrolytic bath. A cooling system within the container is highly
desired to produce thicker coatings.

The conditions of MAO coatings can be optimized using parameters, such as
electrolytes and electrical factors.

(a) Electrolytes. The concentration and compositions of the electrolyte affect the
morphology and incorporating ions of the MAO coatings. The base electrolyte
is an alkaline solution, usually sodium or potassium hydroxide. Various elec-
trolytes consisting of anions such as phosphate, fluoride, and silicate were
reported in previous studies, while oxalate or sulfate solution was unreported
[2, 3]. Ionic additives in electrolytes, such as calcium and silver, incorporate

Fig. 35.1 SEM micrographs of a a top view and b an oblique view of the micro-arc oxidation
coatings. Scale bars: 10 lm
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into MAO coatings and release the specific ion; they subsequently enhance
biological activity or antibacterial properties.

(b) Electrical parameters. The parameters, including voltage, current density, and
treatment time, also influence the morphology and thickness of the MAO
coatings. The thickness of the coatings increased with increasing voltage
(Fig. 35.3a, c). When the current density increased, the pore size increased and
the roughness decreased (Fig. 35.3a, b). The constant current density decays in
the later stages of the MAO process; the intensity of the spark charges
decreases, and smaller sparks are distributed over the entire surface of the
coatings. Then, the coatings obtained a relatively smooth and a homogenous
microstructure.

Although all of the details of the mechanism of the MAO process have not yet
been explained the process can be classified into four stages, as described below,
depending on the variation of voltage with time (Fig. 35.4) [4].

(1) Anodizing stage. The voltage increases rapidly and linearly with time to the
breakdown voltage. Some oxygen bubbles and an oxide layer are observed on
the anode surface. The formed oxide layer subjected to the barrier type
anodization is dense and is in an amorphous form.

(2) Dielectric breakdown stage. When the applied voltage exceeds a certain critical
value, dielectric breakdown occurs, and spark discharges are observed
(Fig. 35.5). An inhomogeneous breakdown, resulting in localized thickening of
the oxide coatings, may cause these events.

Fig. 35.2 The representative
apparatus for the micro-arc
oxidation method
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(3) MAO surface formation stage. The breakdown and formation of the oxide
coatings continue, and the voltage fluctuates. The fluctuation indicates the
existence of discontinuous reaction by electric discharges.

(4) The convergence of the process. The intense sparks and gas release trigger the
formation of large-sized pores and thermal cracking of the coatings. The
voltage decreases rapidly with the disappearance of the surface reactions.

Fig. 35.3 Surface morphologies of MAO coatings on zirconium at various applied voltages and
current densities. a 450 V, 20 mA; b 450 V, 100 mA; c 500 V, 20 mA. Scale bars: 10 lm

Fig. 35.4 The scheme of
variation of voltage with time
in the micro-arc oxidation
process
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Here, we will introduce several studies of MAO-treated surfaces and evaluate the
biological properties in the following section. We focused on the bioactivity of
MAO in the in vitro (Sect. 35.2) and the osseointegration ability of MAO in the
in vivo assays (Sect. 35.3).

35.2 Bioactivity Evaluation in Vitro

Bioactivity is one of the parameters indicating the reactiveness in a living body
environment of the material’s surface. Bioactivity can be evaluated by a relatively
simple procedure without using cells or animals, thereby enabling many researchers
to apply this evaluation as a first step of verification on bone-contacting devices.

The procedure of bioactivity evaluation is composed of two steps: immersion in
simulated body fluids for a certain period and surface observation and/or elemental
analysis. An SBF solution [5] is recognized as the most common fluid for bioac-
tivity evaluation medium. Hanks’ solution can also be used because of more ade-
quate judgment on intricately structured surfaces such as MAO-treated metals [6].
A container made of plastics is desirable for the immersion of the specimens in a
simulated body fluid. In the case of a glass container, calcium phosphate might form
on the bottle wall as a result of reaction with the fluid. The fluid must be prepared
with sufficient volume to the entire surface area of the specimen. In general, the
testing temperature and the immersion period are 37 °C and several days, respec-
tively. The simulated body fluid may be changed periodically to simulate circula-
tion of the body fluid. A container may be shaken to prevent the simulated body
fluid from accumulating in the gap and forming a local environment.

After the immersion period, the specimen is picked up from the fluid and
carefully rinsed with pure water. A scanning electron microscope (SEM) is useful
for observation of calcium phosphate formation on the specimen surface.
Figure 35.6 shows calcium phosphate formation on Ti alloy after immersion in

Fig. 35.5 Sparks and gas
release from the anode
observed in the micro-arc
oxidation process
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Hanks’ solution for 7 d [7]. Calcium phosphate precipitates of less than 1 lm are
observed on the surface of the untreated specimen (only ground by abrasive
papers). The bare metal surface remained exposed even after a 7 d immersion in
Hanks’ solution. On the other hand, the MAO-treated specimen was completely
covered by the calcium phosphate layer with an apparent thickness of a few
micrometers after immersion in Hanks’ solution. The cracks in the layer are
introduced under the vacuum condition used for SEM observation. The amount of
calcium phosphate precipitated on the specimen surface can be determined by some
elemental analyses. Figure 35.7 shows the amount of calcium and phosphorous
formed on MAO-treated and untreated Ti. The tested specimens are immersed and
stirred in the nitric acid solution to completely dissolve the precipitated calcium
phosphate. An inductively coupled plasma atomic spectrometer (ICP-AES) or

Fig. 35.6 Scanning electron micrographs of Ti alloys after immersion in Hanks’ solution for 7 d.
Reprinted from Ref. [7], Copyright 2012, with permission from Elsevier

Fig. 35.7 Accelerated
calcium phosphate formation
on MAO-treated Ti during
immersion in Hanks’ solution
determined by ICP-AES
measurement
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atomic absorption spectrometer (AAS) can be used to determine the concentrations
of both Ca and P ions in the resulting solution. As shown in Fig. 35.7, the amounts
of both Ca and P increase during immersion in Hanks’ solution. In other words, the
calcium phosphate forms spontaneously on MAO-treated Ti and grows to form a
thick layer, as shown in Fig. 35.6. The amount of calcium phosphate on untreated
Ti seems to be almost negligible. Thus, the specimen surface after MAO treatment
is much more reactive to the simulated body fluid than the untreated specimen.
Bioactivity evaluation is a useful tool to compare the hard tissue compatibility of
the materials because of advantages in cost and time. However, a more detailed
investigation is required to confirm that a biological reaction occurs at the interface
between material and living cells/tissues.

35.3 In Vivo Evaluation

35.3.1 Animal Testing

The in vitro evaluation shows the characterization of bone-contacting materials to
some extent; however, owing to its complex mechanisms of bone modeling and
remodeling, an appropriate in vivo model would be used to assess osseointegration
capability. The concept of osseointegration was first introduced by Branemark et al.
to describe direct contact between bone and titanium implants without fibrous soft
tissue at the level of light microscopy [8].

Laboratory animals should be selected according to several factors such as the
cost of acquiring and caring for the animals, availability, acceptability to society,
tolerance to captivity, and ease of housing [9]. Although the size and number of
implanted materials are limited, the rabbit is one of the most commonly used
species among musculoskeletal research studies [10, 11]. The rabbit femur and tibia
were reportedly shown to have similarities of bone mineral density and fracture
toughness to human bone [12]. Because of histological features of cancellous bone,
the epicondyle of the femur was widely chosen for the implant location. After
placement of a titanium implant, the short-term responses are normally assessed
from 1 week up to 4 weeks, and the long-term responses are assessed in tests
exceeding 12 weeks (ISO 10993-6:2007 Biological evaluation of medical devices
—Part 6: Tests for local effects after implantation).

35.3.2 Histomorphometric Evaluation

Non-decalcified tissue sections were usually selected to evaluate achievement of
osseointegration. After anesthesia with an overdose of sodium pentobarbital solu-
tion, the implant and surrounding tissues were excised after a certain number of
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months postimplantation, fixed in paraformaldehyde, dehydrated in graded ethanol,
penetrated with acetone, and then embedded in resin. Thin sections were prepared
using microtome and stained with toluidine blue; this procedure was based on the
principle of metachromasia. Metachromasia resulted in a stacking of dye cations at
the site of high-density anionic groups in the tissues [13].

The bone implant contact (BIC) ratio, which was defined as the percentage of the
bone surface border in direct contact with the implant, has been investigated as one
of the parameters of osseointegration (Fig. 35.8). Sul et al. compared the BIC ratio
of MAO-treated titanium implants to that of machined implants using tuberositas
tibiae of rabbit [14]. A MAO-treated surface 6 weeks postimplantation showed
enhanced osteoconductivity (BIC ratio: 24%) in comparison with a machined
surface (20%).

The surface changes of MAO-treated titanium were previously shown to be
controlled through an electrical polarization process and to enhance proliferation and
differentiation of osteoblast-like MG63 cells [15, 16]. The application of an electrical
polarization method to ceramic biomaterials was first introduced by Yamashita et al.
[17]. The dipoles in ceramics were generated with DC voltage under a programmed
heat profile and fixed in room temperature. An MAO-treated titanium implant with
highly dense surface charges placed in the epicondyle of a rabbit femur resulted in a
higher BIC ratio than an MAO-treated titanium surface [18].

Fig. 35.8 Histological observations of interface between bone and MAO-treated titanium implant
4 weeks postimplantation. Titanium implant was placed at epicondyle of rabbit femur. Resin
embedded section was stained with toluidine blue. Trabecular bone directly integrated implant
surface at the level of light microscopy. I: Implant, B: Bone, BM: Bone marrow
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35.3.3 Mechanical Stability Evaluation

35.3.3.1 Fracture Force Measurement

Implant stability is evaluated by not only the BIC ratio but also mechanical testing,
which is usually conducted by removing the implant from bone tissue. Mechanical
force, such as pull-out, push-out, and removal torque forces, is applied to the
implant, depending on its design. Cylindrical implants inserted in the cortical and
cancellous bone of the femur, tibia, or mandible were generally subjected to
push-out and pull-out forces, and screw implants were subjected to removal torque
force [19].

The anodized screw-type implant inserted in the rabbit tibia appeared to have
higher removal torque values and a higher BIC ratio than the machined implant
[20]. The moderately rough surface created by MAO can scratch along the walls of
the bone during surgery, compared to a machined implant, and result in a smear
layer composed of bone and blood, which causes osteoinduction [21]. Choi et al.
reported that using an MAO-treated implant with increased surface roughness as a
function of applied voltage resulted in a higher removal torque value than an
implant with a smoother surface [22].

The mechanical stability test depends on not only the osseointegration but also
the mechanical properties of the surrounding bone [23]. Although a cohesive
fracture in the bone contributes to bone properties, due to the irregularities of
trabecular bones, the failure mode was difficult to assess using an SEM. We pre-
viously reported that the fracture occurred at the interface and in the bone tissue
after a pull-out test of a cylindrical MAO-treated implant inserted in cancellous
bone (Fig. 35.9a) [18].

In order to quantitatively evaluate the fracture mode, bone apposition on the
implant surface was stained with alizarin red S, which forms a calcium-alizarin red

Fig. 35.9 Fracture mode of MAO-treated implant surface after removing from bone. a SEM
image showed the bone apposition on the implant surface. B: Bone, S: MAO-treated implant
surface. b Stereomicroscope image of MAO-treated implant stained with alizarin red S
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S complex via a chelation process (Fig. 35.9b). Residual bone apposition
post-pull-out means that the fracture occurred in bone tissue, and the integration
between bone and implant was adequately established.

35.3.3.2 Resonance Frequency Measurement

Resonance frequency analysis (RFA) is a noninvasive test method to measure the
implant stability in clinical practice [24]. The transducer, which is attached to the
implant fixtures, is triggered to vibrate by means of sinusoidal waves. The reso-
nance frequency value is converted to implant stability quotients (ISQ), ranging
from 1 to 100. Although the ISQ is an indicator of implant stability, due to its
dependence on the surrounding bone stiffness, the accurate condition of the bone
formation is unclear.

Rasmusson et al. reported the superiority of delayed implant placement com-
pared to simultaneous implant placement by measuring the resonance frequencies
using a rabbit model [25]. The mean resonance frequency value of delayed implant
placement was statistically higher than that of simultaneous implant placement.
Nevertheless, the removal torque value and the BIC ratio showed no statistical
difference between them. Thus, RFQ is widely used in clinical practice; however,
its application to research fields to evaluate bone formation and BIC ratio should be
further studied.

35.3.3.3 Three-Dimensional Morphometric Evaluation

Micro-computed tomography (micro-CT) is a nondestructive three-dimensional
imaging technique that analyzes trabecular bone morphology and bone mineral
density without complicated specimen preparation (Fig. 35.10). Moreover, the

Fig. 35.10 Cross-sectional
image of MAO-treated
titanium implant 12 weeks
postimplantation using
micro-computed tomography.
Trabecular bone architecture
can be observed in three
dimensions. Color code
indicates bone mineral density
(red: high, blue: low). B:
Bone, I: Implant
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samples used in micro-CT can be subjected to other tests, therefore contributing to
the reduction of animals in in vivo testing. Micro-CT imaging was introduced to the
preclinical research field in the early 1980s, providing higher quality resolution
compared to the computed tomography imaging used in the 1970s. A rising number
of publications using micro-CT illustrate the increased importance of
three-dimensional analysis of bone architecture [26].

Liu et al. reported the use of osseointegration fraction density (OV/TV) to
predict BIC ratio using micro-CT [27]. Owing to the metal artifact, they calculated
bone fraction density (BV/TV) in a 3-voxel-thick ring (48 µm) that excluded the 3
voxels immediately adjacent to the implant. Although OV/TV as measured on
micro-CT images had no significant correlation to BIC ratio, implant stability
estimated from pull-out force measurement had a weak correlation.

We previously reported the OV/TV of an MAO-treated implant with highly
dense surface charges in a 100-µm-thick ring, excluding 60 µm, which was equal to
3 voxels [18]. OV/TV showed no correlation with either the BIC ratio or the
pull-out force because the newly formed bone on the implant surface was
multiple-architecture in an excluded 3-voxel-thick ring and accounted for implant
stability. Thus, further study will be needed to evaluate the osseointegration
capability of titanium implants using micro-CT, including imaging conditions.

References

1. H. Matsuno, A. Yokoyama, F. Watari, M. Uo, T. Kawasaki, Biomater. 22, 1253 (2001)
2. S. Abbasi, F. Golestani-Fard, S.M.M. Mirhosseini, A. Ziaee, M. Mehrjoo, Mater. Sci. Eng.

C 33, 2555 (2013)
3. J. Liang, L. Hu, J. Hao, Appl. Surf. Sci. 253, 4490 (2007)
4. T.S.N. Sankara Narayanan, I.S. Park, M.H. Lee, Prog. Mater Sci. 60, 1 (2014)
5. T. Kokubo, H. Takadama, Biomater. 27, 2907 (2006)
6. Y. Tsutsumi, M. Niinomi, M. Nakai, M. Shimabukuro, M. Ashida, P. Chen, H. Doi, T.

Hanawa, Metals 6, 76 (2016)
7. Y. Tsutsumi, M. Niinomi, M. Nakai, M.H. Tsutsumi, H. Doi, T. Hanawa, Appl. Surf. Sci.

262, 34 (2012)
8. P.I. Branemark, R. Adell, T. Albrektsson, U. Lekholm, S. Lundkvist, B. Rockler, Biomater. 4,

25 (1983)
9. J.H. Schimandle, S.D. Boden, Spine 19, 1998 (1994)

10. A.I. Pearce, R.G. Richards, S. Milz, E. Schneider, S.G. Pearce, Eur. Cell. Mater. 13, 1 (2007)
11. J.G. Neyt, J.A. Buckwalter, N.C. Carroll, Iowa Orthop. J. 18, 118 (1998)
12. X. Wang, J.D. Mabrey, C.M. Agrawal, Biomed. Mater. Eng. 8, 1 (1998)
13. G. Sridharan, A.A. Shankar, J. Oral. Maxillofac. Pathol. 16, 251 (2012)
14. Y.T. Sul, C.B. Johansson, K. Roser, T. Albrektsson, Biomater. 23, 1809 (2002)
15. C.F. Ma, A. Nagai, Y. Yamazaki, T. Toyama, Y. Tsutsumi, T. Hanawa, W. Wang, K.

Yamashita, Acta Biomater. 8, 860 (2012)
16. A. Nagai, Y. Yamazaki, C.F. Ma, K. Nozaki, T. Toyama, K. Yamashita, J. Eur. Ceram. Soc.

32, 2647 (2012)
17. K. Yamashita, N. Oikawa, T. Umegaki, Chem. Mater. 8, 2697 (1996)
18. K. Nozaki, W. Wang, N. Horiuchi, M. Nakamura, K. Takakuda, K. Yamashita, A. Nagai,

J. Biomed. Mater. Res. 102, 3077 (2014)

35 Surface Modification with Micro-arc Oxidation 533



19. G. Giavaresi, M. Fini, A. Cigada, R. Chiesa, G. Rondelli, L. Rimondini, P. Torricelli, N.N.
Aldini, R. Giardino, Biomater. 24, 1583 (2003)

20. K.H. Park, S.J. Heo, J.Y. Koak, S.K. Kim, J.B. Lee, S.H. Kim, Y.J. Lim, J. Oral Rehabil. 34,
517 (2007)

21. A. Tabassum, F. Walboomers, J.G.C. Wolke, G.J. Meijer, J.A. Jansen, Clin. Implant Dent.
Relat. Res. 13, 269 (2011)

22. J.W. Choi, S.J. Heo, J.Y. Koak, S.K. Kim, Y.J. Lim, S.H. Kim, J.B. Lee, J. Oral Rehabil. 33,
889 (2006)

23. M. Soncini, R. Rodriguez y Baena, R. Pietrabissa, V. Quaglini, S. Rizzo, D. Zaffe, Biomater.
23, 9 (2002)

24. N. Meredith, D. Alleyne, P. Cawley, Clin. Oral Implants Res. 7, 261 (1996)
25. L. Rasmusson, N. Meredith, I.H. Cho, L. Sennerby, Int. J. Oral Maxillofac. Surg. 28, 224

(1999)
26. S.J. Schambach, S. Bag, L. Schilling, C. Groden, M.A. Brockmann, Methods 50, 2 (2010)
27. S. Liu, J. Broucek, A.S. Virdi, D.R. Sumner, J. Microsc. 245, 34 (2012)

534 A. Nagai et al.



Part VI
Novel Structured Materials

for Electronic Devices



Chapter 36
Spin Electronics

Takahide Kubota, Takeshi Seki and Koki Takanashi

36.1 Introduction to Giant Magnetoresistance

Semiconductor electronics has utilized characteristics of electron charge:
Transportation of electrons and holes. Although an electron has a spin angular
momentum, the electron spin had been ignored in electronic devices until the
discovery of giant magnetoresistance (GMR) in 1988. The technology exploiting
the characteristics of spin is called “Spin electronics” or “Spintronics”. The GMR
effect is the most fundamental phenomenon in spin electronics and was first
reported by Fert and his collaborators in the experiment of Fe/Cr superlattices [1].
Before the discovery of GMR by Fert et al., Grünberg and coworkers had reported
in 1986 antiferromagnetic interlayer exchange coupling of Fe layers through a Cr
interlayer in a Fe/Cr/Fe trilayer structure [2]. The antiferromagnetic interlayer
exchange coupling is closely related to GMR. Their findings of antiferromagnetic
interaction and GMR significantly stimulated interests of many researchers, which
led to an enormous amount of studies for magneto-transport properties in various
kinds of nanometer-scaled layered structures with ferromagnetic metals.

In only 10 years after the discovery of GMR, the read head of a hard disk drive
(HDD) using GMR was commercially available. The GMR-based read head dra-
matically improved the storage density of HDD. Since GMR was considered ‘the
first major application of nanotechnology’, both Fert and Grünberg were jointly
awarded the Nobel prize in physics in 2007. Nowadays, tunnel magnetoresistance
(TMR) effect is used for the read head of HDD. In contrast to GMR for all-metallic
superlattices, TMR is observed in a magnetic tunnel junction (MTJ) consisting of
an ultra-thin insulating layer sandwiched by two ferromagnetic (FM) layers. In a
MTJ, its tunneling probability of electrons depends on the relative orientation of
magnetization vectors of two FM layers. Because a larger TMR ratio than GMR led
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to the further improvement of the storage density of HDD, the TMR-based read
head replaced the GMR-based read head. As described later, however, GMR has
recently drawn renewed attention for the read head application.

36.1.1 Giant Magnetoresistance (GMR) Effect

When an external magnetic field (Hext) is applied to a material, the electric resis-
tance of the material changes in general, which is known as a magnetoresistance
(MR) effect. There are many types of MR effects: All conductive materials, irre-
spective of magnetic or nonmagnetic, show a MR effect. The electric resistance of a
material increases as Hext is increased, i.e., the sign of MR is positive, which
originates from the Lorentz force that affects the motion of conduction electrons.
This MR effect is called an ordinary magnetoresistance effect. On the other hand,
ferromagnetic materials (including ferrimagnetic materials) show a MR effect due
to the spontaneous magnetization (M). This MR effect is called an anomalous
magnetoresistance effect, which is classified into an anisotropic magnetoresistance
(AMR) effect and a forced effect. The AMR effect appears when the relative ori-
entation between M and electric current (I) is changed. The forced effect appears
under the high magnetic field application after saturating the magnetization, and a
slight increase in M leads to the corresponding decrease in electric resistance.
Although the AMR effect is well known as a MR effect in ferromagnetic materials,
its magnitude is usually small.

The phenomenon of the GMR effect is different from that of the AMR effect in
terms of both quantitative and qualitative characteristics. First, the GMR effect is
isotropic irrespective of the relative angle between Hext and I. Second, the resistance
decreases remarkably when the magnetization is being saturated, so the sign of MR
is negative. A typical GMR curve and the corresponding magnetization curve are
shown in Fig. 36.1a and b, respectively. The magnetization vectors in adjacent FM
layers show antiparallel alignment at Hext ¼ 0. In the process that they are aligned
in parallel with increasing Hext up to the saturation field (Hs), the electric resistivity
(q) decreases significantly. The antiparallel alignment is caused by the antiferro-
magnetic interlayer exchange coupling between FM layers through a nonmagnetic
(NM) layer. The magnitude of interlayer exchange coupling is proportional to the
exchange coupling energy per unit area (J), and J < 0 is required for the antiparallel
alignment of magnetization vectors for FM layers. In addition, the sign and the
magnitude of J depend on the NM layer thickness.

The magnitude of GMR is usually defined as the MR ratio (Δq/q), and is given
by

Dq=q ¼ qo � qsð Þ=qs; ð36:1Þ

where q0 is the maximum value of q at Hext ¼ 0 and qs is that when the magne-
tization is saturated ( Hextj j [Hs). GMR was studied using superlattices that are
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composed of two or more different materials alternately deposited in a nanometer
scale by film preparation techniques such as molecular beam epitaxy (MBE) and
sputtering. A variety of superlattices consisting of FM metals and NM metals were
investigated, e.g., Co/Cu [3], Co/Ag [4], Ni/Ag [5], etc.

If the antiferromagnetic interlayer exchange coupling is strong, one needs to
apply a high Hext to align the magnetization vectors in parallel, i.e., to obtain GMR.
This was a major obstacle for practical applications of GMR. One of the solutions
to obtain GMR in a low Hext is to utilize the difference between switching fields for
adjacent FM layers without the help of antiferromagnetic interlayer exchange
coupling [6]. Another effective way is to make a spin-valve structure [7]. In the
spin-valve structure, the magnetization direction in one of FM layers (free layer) is
easily changed when a low Hext is applied, whereas the other (fixed layer) has its
magnetization pinned by the exchange magnetic anisotropy from the neighboring
antiferromagnetic (AFM) layer. Consequently, GMR appears even under the
application of a low Hext. The spin-valve structure was used in a central part for a
read head of HDD in 1998 and played an important role for the remarkable increase
in recording density.

Fig. 36.1 a A typical
magnetoresistance
(MR) curve and b a
magnetization curve of a
superlattice showing giant
magnetoresistance (GMR)
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36.1.2 Mechanism of GMR Effect

The spin-dependent scattering of conduction electrons is the key physics to
understand the GMR effect. The spin-dependent scattering occurs in FM layers or at
FM/NM interfaces. In a two-current model, up-spin (") and down-spin (#) electrons
are supposed to pass through two independent channels without taking into account
the spin-flip scattering that causes the change of spin orientation. The scattering
probability of conduction electrons depends on whether the spin orientation is
parallel or antiparallel to the magnetization, which is called spin-dependent scat-
tering. The electric resistivity for spins parallel to the magnetization (q+) is not
equal to that for spins antiparallel to the magnetization (q−), i.e., q+ 6¼ q−. Here we
assume that the electrons with spins parallel to the magnetization have a scattering
possibility lower than that in the case of antiparallel, i.e., q+ < q−. Figure 36.2
shows a schematic illustration of the conduction of electrons passing through a
superlattice in the current-in-plane (CIP) geometry. Since the thickness of each
layer in the superlattice is of the order of nanometer, the electrons flow across the
layers even in the case of the electric current flowing in the film plane. If the
magnetization vectors of adjacent FM layers are parallel, the electrons with " spins
parallel to the magnetizations are not scattered very much, which contributes
dominantly to the conduction, leading to a low electric resistance. On the other
hand, both " spins and # spins are significantly scattered when the magnetization
vectors are antiparallel, leading to a high electric resistance. The electric resistivity
q is expressed as,

q ¼ q"q#
�

q" þ q#
� �

; ð36:2Þ

Fig. 36.2 Schematic illustrations of the conduction of electrons in a superlattice with alternatively
stacked a ferromagnetic (FM) metal and a nonmagnetic (NM) metal. The cases for a parallel and
b antiparallel alignments of the magnetization vectors are shown
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where q" (q#) is the resistivity for the electrons with " (#) spin. When all the
magnetization vectors are parallel, we consider q" * q+ and q# * q− and the total
resistance of the parallel state (qP) is expressed as

qP ¼qþ q�
�

qþ þ q�
� �

� qþ for qþ � q�
� � : ð36:3Þ

When the adjacent magnetization vectors are antiparallel, we consider
q" * q# * (q+ + q−)/2, the total resistance (qAP) is expressed as

qAP ¼ ðqþ þ q�Þ
�
4: ð36:4Þ

Using Eqs. (36.3) and (36.4), the magnitude of GMR is given by

ðqAP þ qPÞ
�
qp ¼ ðqþ þ q�Þ

�
4qþ q�

¼ ð1� a2Þ�4a ; ð36:5Þ

where a = q−/q+ that is a parameter representing the spin dependence of electron
scattering. One sees that GMR appears when a 6¼ 1, and GMR is larger as a � 1
or a � 1. The requirements for the appearance of GMR in the CIP geometry are
summarized as follows: (i) Antiparallel alignment of the magnetization vectors in
adjacent FM layers through a NM layer, (ii) large spin-dependent scattering of
electrons (a � 1 or a � 1), and (iii) the multilayer period of the superlattice
shorter than the mean free path of conduction electrons.

36.1.3 Applications of GMR Effect

A spin-valve structure with a FM/NM/FM trilayer is suitable for practical appli-
cations as mentioned in Sect. 36.1.1 since small Hext is enough to switch the
magnetization vector in the free layer. However, the magnitude of GMR depends on
the number of layers in a superlattice, meaning that a structure having more layers
shows a larger MR ratio and the trilayer structure is unfavorable to obtain a large
GMR effect. However, if the electric current flows perpendicularly to the film plane,
all the electrons contribute to the conduction through each layer and the magnitude
of GMR is expected to become larger. The type of GMR when the electric current
flows in the film plane is called CIP-GMR, whereas GMR when the electric current
flows perpendicularly to the film plane is called current-perpendicular-to-plane
GMR (CPP-GMR). It has experimentally been confirmed that the MR ratio of
CPP-GMR is usually larger than that of CIP-GMR [8]. In the case of CPP-GMR,
the characteristic length is not the mean free path, but the spin diffusion length that
is the distance over which the traveling electron spin keeps the initial orientation.
The Valet-Fert model [9] is often used to analyze CPP-GMR, in which the finite

36 Spin Electronics 541



spin diffusion length is taken into account based on the two-current model. The
analysis using the Valet-Fert model enables us to evaluate the spin dependence in
electron scattering separately for the bulk and the interface, which are represented
by the parameters of b and c, respectively.

CPP-GMR has attracted much attention in terms of practical applications
because the miniaturization of device elements leads to an increase in the device
resistance. In the case of a TMR device for read heads of ultrahigh-density HDD,
the device resistance becomes so high that it will be a hurdle for high-speed
operation in near future. On the other hand, a CPP-GMR device has a low device
resistance thanks to all-metal structure. That is to say, the CPP-GMR device will be
advantageous because of its low resistance. However, CPP-GMR devices based on
the typical FM/NM/FM trilayer structure showed only a small MR ratio of the order
of 1% because of a large contribution of parasitic resistance. A variety of studies
have been done to increase the MR ratio. From the viewpoint of materials devel-
opment, half-metals such as Heusler alloys are promising materials to improve the
MR ratio for CPP-GMR.

36.2 Half-Metallic Heusler Alloys for Spin Electronics

Half-metallic ferromagnets are materials with an electronic structure with 100%
spin polarization at the Fermi level, in which one spin channel has metallic nature
whereas the other spin channel has a semiconducting band gap. This characteristic
band structure generates completely spin-polarized conduction electrons [10, 11].
Schematics of the density of states for a conventional ferromagnet and a
half-metallic ferromagnet are shown in Fig. 36.3a and b, respectively.

Heusler alloys [12] are intermetallic compounds with a number of materials that
are classified into two types: Half-Heusler alloys and full-Heusler alloys. The
chemical formulae of the half- and full-Heusler alloys are expressed as XYZ and
X2YZ, respectively, where X and Y elements are transition metals, and Z is an

(a) (b)

Conventional ferromagnet

(Spin polarization < 1)

Half-metallic ferromagnet

(Spin polarization = 1)

Fig. 36.3 Schematic
illustrations of the density of
states for a a conventional
ferromagnet and b a
half-metallic ferromagnet
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element belonging to the group 13 or 14 of the periodic table. The crystal structure
of the half-Heusler alloys is a C1b phase (MgAgAs-type) having the space group of
F-43m (number 216). The unit cell consists of three interpenetrating
face-centered-cubic (fcc) cells with site occupancies at 4a (0, 0, 0), 4b (1/2, 1/2, 1/2)
and 4c (1/4, 1/4, 1/4) for X, Y, and Z atoms in Wyckoff coordinate (Fig. 36.4a). On
the other hand, the crystal structure of the full-Heusler alloys is an L21 phase
(Cu2MnAl type) having the space group of Fm-3 m (number 225). The unit cell
consists of four interpenetrating fcc cells with site occupancies at 8c (1/4, 1/4, 1/4),
4a (0, 0, 0), and 4b (1/2, 1/2, 1/2) for X, Y, and Z atoms in Wyckoff coordinate
(Fig. 36.4b) [13]. Some half- and full-Heusler alloys exhibit half-metallic electronic
structures, which is an attractive aspect of the material class for the research field of
spin electronics. The first prediction of the half-metallicity was reported by Groot
et al. for C1b-type NiMnSb and PtMnSb in 1983 [14]. In the case of full-Heusler
alloys, the pioneer ab initio studies of half-metallic density of states (DOS) were
reported by Kübler et al. [15], and Ishida et al. [16], for cobalt (Co)-based alloys,
such as Co2MnAl and Co2MnSn. Following those reports, numerous theoretical
predictions have been reported both for half- and full-Heusler alloys [17–22]. Those
theoretical studies motivated experiments on half-metallic Heusler alloys as mate-
rials for spin electronics.

36.3 Magnetoresistance Effects Using Heusler Alloy Thin
Films

Half-metallic Heusler alloys enable us to improve the MR ratio because their
conduction electrons are theoretically predicted to be fully spin-polarized. In this
section, TMR and CPP-GMR effects in the Heusler alloys are surveyed.

X

Z Y

X

Z Y

C1b structure

(Half-Heusler)

L21 structure

(Full-Heusler)

(a) (b)Fig. 36.4 Crystal structures
of a C1b (half-Heusler) and
b L21 (full-Heusler)
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36.3.1 Tunnel Magnetoresistance Effect Using Heusler
Alloy Thin Films

After the discoveries of TMR effect at low temperature [23] and room temperature
[24, 25], in 2003 Inomata et al. reported a pioneering work on MTJ consisting of a
polycrystalline Co2Cr0.6Fe0.4Al Heusler alloy thin film and an Al–oxide barrier
prepared by magnetron sputtering, which gave a MR ratio of 19% at room tem-
perature [26]. In 2005, a further large TMR effect was demonstrated by Sakuraba
et al. for MTJs with epitaxially grown-Co2MnSi (CMS) Heusler alloy layers and an
Al-oxide barrier prepared by ultrahigh vacuum magnetron sputtering system,
showing MR ratios of about 70% [27, 28] and 570% [28] at room temperature and
2 K, respectively. However, the MR ratio at room temperature was comparable
with those for the MTJs using conventional 3d-transition metal-based ferromagnets
and an Al-oxide barrier [29, 30] although the MR ratio at low temperature was
much larger than those for the MTJs with conventional ferromagnets [27, 28]. They
also discussed the electronic structure of the CMS films by measuring the bias
voltage dependence of tunneling conductance for the MTJs and concluded that the
giant TMR effects originated from the half-metallic density of states for CMS [28].
The reported MR ratios for some cobalt based-Heusler alloy MTJs with an Al-oxide
barrier are summarized in Table 36.1 [26–37].

As described above, many works on the MTJs with Heusler alloys in the early
stage used amorphous Al-oxide as a tunneling barrier, which prevented the epitaxial
growth of Heusler alloy films onto the barrier layer. The demonstration of giant
TMR in MTJs with a MgO tunnel barrier [38–40] led to a significant enhancement
in the MR ratio. Following the demonstration using the conventional 3d-transition
metal-based ferromagnets, MTJs with fully-epitaxial Heusler alloy layers and a
(001)-oriented MgO tunneling barrier were reported as shown in Table 36.2 [41–
51]. As of the beginning of 2016, the maximum MR ratios are 429% and 2610% at
room temperature and 4.2 K, respectively [51].

Table 36.1 A summary of TMR ratio using Heusler alloys electrodes and Al–O tunnel barrier

Material MTJ stacking structure TMR ratio References

Co2(Cr–Fe)Al poly-Co2Cr0:6Fe0:4Al/Al–O/Co–Fe 19% (RT), 27% (5 K) [26]

Co2MnSi poly.-Co2MnSi/Al–O/Co–Fe 33% (RT), 86% (10 K) [31]

epi.-Co2MnSi/Al–O/Co–Fe 70% (RT), 159% (2 K) [27]

epi.-Co2MnSi/Al–O/Co2MnSi 67% (RT), 570% (2 K) [28]

Co2MnAl poly.-Co2MnAl/Al–O/Co–Fe 40% (RT), 60% (5 K) [32]

epi.-Co2MnAl/Al–O/Co–Fe 65% (RT), 83% (5 K) [33]

Co2FeSi epi.-Co2FeSi/Al–O/Co–Fe 41% (RT), 60% (5 K) [34]

Co2FeAl epi.-Co2FeAl/Al–O/Co–Fe 47% (RT) [35]

Co2Fe(Al–Si) epi.-Co2FeAl0:5Si0:5/Al–O/Co–Fe 76% (RT), 106% (5 K) [36]

Co2(Fe–Mn)Si epi.-Co2Fe0:4Mn0:6Si0:5Si/Al–O/
Co–Fe

73% (RT), 164% (2 K) [37]
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Extremely large MR ratios have been achieved in MTJs with half-metallic
Heusler alloys at low temperature. However, the MR ratios at room temperature are
comparable with or smaller than those in MTJs with conventional ferromagnetic
materials [52]. Possible origins for the remarkable temperature dependence of TMR
with half-metallic Heusler alloys have been discussed [53–57], and the experi-
mental studies have been also performed to improve the temperature dependence
[58, 59].

36.3.2 Current-Perpendicular-to-Plane Giant
Magnetoresistance Effect Using Heusler Alloy Thin
Films

Thanks to large CPP-GMR effects using half-metallic Heusler alloys, CPP-GMR
devices have recently drawn renewed attention as a candidate for a read head of
future HDD [60]. The reported CPP-GMR ratio and the change of resistance area
product (DRA) are summarized in Table 36.3 [61–80]. In 2006, Yakushiji et al.
reported a large DRA for CMS/Cr/CMS [61], which was a pioneering work to show
a potential of Co-based full-Heusler alloys as a material to enhance the CPP-GMR
effect. The next breakthrough of CPP-GMR was reported by Sakuraba and
coworkers in 2009 [65, 66], in which the CPP-GMR ratio of 36% was observed at
room temperature for CMS/Ag/CMS. Concerning the mechanism of the large
CPP-GMR ratio in CMS/Ag/CMS, the ab initio studies suggested that the large

Table 36.2 A summary of TMR ratio using epitaxially grown Heusler alloys electrodes and MgO
tunnel barrier

Material MTJ stacking structure TMR ratio References

Co2MnSi Co2MnSi/MgO/Co–Fe 90% (RT), 192% (4.2 K) [41]

Co2MnSi/MgO/Co2MnSi 179% (RT), 683% (4.2 K) [42]

Co2MnSi/MgO/Co–Fe 217% (RT), 753% (2 K) [43]

Co–Mn–Si/MgO/Co–Mn–Si 354% (RT), 1995% (4.2
K)

[44]

Co2MnGe Co2MnGe/MgO/Co–Fe 160% (RT), 376% (4.2 K) [45]

Co–Mn–Ge/MgO/Co–Mn–Ge 220% (RT), 650% (4.2 K) [46]

Co2FeAl Co2FeAl/MgO/Co–Fe 330% (RT), 700% (10 K) [47]

Co2Fe(Al–Si) Co2FeAl0:5Si0:5/MgO/
Co2FeAl0:5Si0:5

386% (RT), 832% (9 K) [48]

Co2(Cr–Fe)
Al

Co2Cr0:6Fe0:4Al/MgO/Co–Fe 109% (RT), 317% (4.2 K) [49]

Co2Cr0:6Fe0:4Al/MgO/
Co2Cr0:6Fe0:4Al

60% (RT), 238% (4.2 K) [50]

Co2(Fe–Mn)
Si

Co2(Fe–Mn)–Si/MgO/Co2
(Fe–Mn)–Si

429% (RT), 2610% (4.2
K)

[51]
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CPP-GMR effects originated from the good band matching between the Co-based
full-Heusler alloys and the Ag spacer layer, leading to large interface
spin-asymmetry [66, 81]. In addition to the development of Heusler alloys, the
investigation of new material as a spacer layer has been carried out [69–71, 73, 77,
79, 80]. Among the studies, spacer materials of Ag–Mg [69–71], Ag–Zn [79], and
InZnO [80] showed better device performances than that for the Ag spacer, which
are attracting great interests for the read head application of HDDs with

Table 36.3 A summary of CPP-GMR effects using full-Heusler alloys electrodes at room
temperature

Material Stacking structure of CPP-GMR MR
ratio
(%)

DRA (m
Ω lm2)

References

Co2MnSi epi.-Co2MnSi/Cr/Co2MnSi 2.40 19 [61]

epi.-Co2MnSi/Cr/Co2MnSi 5.20 19 [62]

poly.-Co2MnSi/Cu/Co2MnSi 9.00 – [63]

epi.-Co2MnSi/Cu/Co2MnSi 8.60 14 [64]

epi.-Co2MnSi/Ag/Co2MnSi 28.80 9 [65]

epi.-Co2MnSi/Ag/Co2MnSi 36 12 [66]

Co2(Fe–Mn)Si epi.-Co2Fe0:4Mn0:6Si/Ag/
Co2Fe0:4Mn0:6Si

75 – [67]

epi.-Co2Fe0:4Mn0:6Si/Ag/
Co2Fe0:4Mn0:6Si

58 12 [68]

epi.-Co2Fe0:4Mn0:6Si/Ag83Mg17/
Co2Fe0:4Mn0:6Si

49 17 [69]

epi.-Co2Fe0:4Mn0:6Si/Ag78Mg22/
Co2Fe0:4Mn0:6Si

63 25 [71]

Co2MnGe poly.-Co2MnGe/Cu/Co2MnGe/Cu/
Co2MnGe

6.90 7.4 [72]

Co2MnGe/Rh2CuSn/Co2MnGe 6.70 4 [73]

Co2FeSi epi.-Co2FeSi/Ag/Co2FeSi 23 7 [68]

Co2FeAl0:5Si0:5 epi.-Co2FeAl0:5Si0:5/Ag/
Co2FeAl0:5Si0:5

6.90 7.4 [74]

epi.-Co2FeAl0:5Si0:5/Ag/
Co2FeAl0:5Si0:5

34 8 [75]

Co2FeGa0:5Sn0:5 epi.-Co2FeGa0:5Sn0:5/Ag/
Co2FeGa0:5Sn0:5

8.80 4 [76]

epi.-Co2FeGa0:5Sn0:5/NiAl/
Co2FeGa0:5Sn0:5

7.00 3 [77]

Co2FeGa0:5Ge0:5 epi.-Co2FeGa0:5Ge0:5/Ag/
Co2FeGa0:5Ge0:5

57 12 [78]

epi.-Co2FeGa0:5Ge0:5/Ag–Zn/
Co2FeGa0:5Ge0:5

59.60 21.5 [79]

Co2(Mn–Fe)Ge poly.-Co–Fe–Ge/CoFe/Ag/InZnO/Zn/
CoFe/Co2Mn0:6Fe0:4Ge

26 29 [80]
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tera-bit-class areal recording density. Figure 36.5 shows examples of (a) a
high-angle annular dark field scanning transmission electron microscope
(HAADF-STEM) image, and (b) a CPP-GMR curve for the Co2(Fe–Mn)Si/Ag–
Mg/Co2(Fe–Mn)Si CPP-GMR device [69].

As described above, full-Heusler alloys have been a mainstream for the
CPP-GMR studies. However, there are also some experimental reports on
CPP-GMR devices with half-Heusler alloys. Caballero et al. reported the MR ratio
of 7.2% at 4.2 K for NiMnSb/Cu/NiMnSb in 1998 [82]. After the work in the early
age, there have been few studies on CPP-GMR with half-Heusler alloys for a long
period. In 2015, Wen et al. succeeded in achieving the MR ratio of 8% for NiMnSb/
Ag/NiMnSb at room temperature, and it rose up to 21% at 4.2 K [83]. Although the
MR ratios with NiMnSb layers were still smaller than those for full-Heusler alloys,
room temperature CPP-GMR with half-Heusler alloys would be potentially a next
breakthrough because of the large half-metallic band gaps of half-Heusler alloys
compared with those of the full-Heusler ones [10–18].

36.4 Spin Torque Oscillation Using Heusler Alloys

36.4.1 Spin Angular Momentum Transfer

For a FM/NM/FM trilayer structure in a CPP-GMR device, the conduction elec-
trons passing through one FM layer are spin-polarized, and the spin-polarized
conduction electrons interact with local spins of the other FM layer. This interaction
gives rise to the spin-dependent scattering of conduction electrons. In this scattering
process, spin angular momenta carried by the conduction electrons are transferred
to the local spins of the FM layer, which is called ‘spin angular momentum transfer’
(or simply ‘spin-transfer’). The basic concept of spin angular momentum transfer

Fig. 36.5 a A high-angle
annular dark field scanning
transmission electron
microscope (HAADF-STEM)
image, and b a CPP-GMR
curve for the Co2(Fe–Mn)Si/
Ag–Mg/Co2(Fe–Mn)Si
CPP-GMR device [71].
Copyright (2015) The Japan
Society of Applied Physics
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was proposed in 1996 by Slonczewski [84] and Berger [85], independently. Here,
we consider a simple case as illustrated in Fig. 36.6. The incoming conduction
electron is traveling in the x-direction and is spin-polarized along the direction tilted
by h from the z-direction in the z-x plane, i.e., ŝ1 ¼ sin h cosu; sin h sinu; cos hð Þ in
the polar coordinates of h and u. On the other hand, the local spin of the magnetic
layer is oriented in the z-direction, i.e., ŝ2 ¼ 0; 0; 1ð Þ. Due to the strong exchange
interaction with the local spin of FM layer, the electron spin processes around the
exchange field. Since many electrons would be propagating through the magnetic
layer simultaneously in a real device, if one sums up the total spin angular momenta
for all the conduction electrons, the non-negligible value is only the z component,
and the perpendicular components in x and y directions become zero. This corre-
sponds to the case of the absorption of spin by the FM layer, and the change of spin
angular momentum (Ds) is described as

Dŝ ¼ �h
2

0
0

cos h

0
@

1
A� �h

2

sinh cosu
sinh sinu
cos h

0
@

1
A; ð36:6Þ

where the first and second terms are the unit vectors indicating the directions of spin
angular momenta for outgoing and incoming electrons, respectively. Then,
Eq. (36.6) can be rewritten as

Dŝ ¼ �h
2

ŝ2 � ŝ2 � ŝ1ð Þð Þ: ð36:7Þ

This is “Spin (transfer) torque”. In order to conserve the spin angular momen-
tum, this spin torque also acts on the local spin of the FM layer (for more details,
see Ref. [86]).

36.4.2 Spin Torque Oscillation

The dynamics of a local spin (S2) under the effective magnetic field (Heff) is
described using the Landau-Lifshitz-Gilbert (LLG) equation as

Fig. 36.6 A schematic
illustration of the concept of
spin angular momentum
transfer from the conduction
spin to the local spin
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ds2
dt

¼ cs2 �Heff þ aŝ2 � ds2
dt

; ð36:8Þ

where c is the gyromagnetic ratio and a is the damping parameter. In this equation,
the first and the second terms express the precession torque and the damping torque,
respectively, of S2. When the spin torque acts on S2, using Eqs. (36.7) and (36.8)
the magnetization dynamics is expressed by [84]

ds2
dt

¼ cs2 �Heff � aŝ2 � ds2
dt

þ gðhÞ I
e
�h
2

ŝ2 � ŝ2 � ŝ1ð Þð Þ; ð36:9Þ

where e is the elementary charge, and g(h) is the spin-transfer coefficient, which is a
function of the spin polarization factor. Figure 36.7 depicts the precession torque,
the damping torque and the spin torque acting on S2. One sees that the precession
torque acts along the u direction (êu) while the damping torque and the spin torque
act along the h direction (êh). Thus, the time derivative of dS2 is described as

dds2
dt

� cs2 Heff � êh
� �� �

êu � acs2 Heff � êh
� �� �

êh þ I
e
gðhÞ �h

2
cos h

� �
êh

¼ Tuêu þ Thêh

; ð36:10Þ

where Tu ¼ cs2 Heff � êh
� �

and Th ¼ �aTu þ gðhÞ I
e
�h
2 cos h. Equation (36.10) means

the magnetization instability at the condition of Th ¼ 0, the current of which cor-
responds to the critical current for the magnetization instability (Ic0). In a condition
of Th ¼ 0, spin torque induces the magnetization switching at I = Ic0. In addition to
the magnetization switching, the magnetization steadily precesses on the iso-energy

Fig. 36.7 Precession torque,
damping torque and spin
torque acting on S2 in the
polar coordinates of h and u
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trajectory when Th ¼ 0 and dTh=dh\0. This spin torque-induced steady magne-
tization precession is called spin torque oscillation.

The spin torque oscillation was first observed in GMR stacks [87, 88], and many
investigations have been done to clarify the magnetic dynamics excited by spin
torque [89]. In addition, the spin torque oscillation has a potential application such
as a microwave oscillator, which is called a spin torque oscillator (STO). In the case
of CPP-GMR device consisting of a free FM and a fixed FM layers that are
separated by a NM spacer layer, the magnetization precession is induced in the free
layer by applying dc electric current (Idc) when the above requirements for the spin
torque oscillation are satisfied. The steady magnetization precession in the free layer
leads to a change in the device resistance through the magnetoresistance effect.
Since Idc is applied to the device, the time-dependent device resistance (R(t)) is
converted into rf voltage (Vrf). Consequently, the device emits rf output power
(Pout).

Before STOs can be put into practical use, there are several crucial issues that
need to be solved. Those issues are as follows: the enhancement of Pout,
improvement of the rf oscillation quality, and increasing the frequency tunability by
Idc and/or Hext. Although MTJ-based STOs [90–92] may solve the first issue since
the Pout is roughly proportional to the square of the MR ratio, the relatively wide
oscillation linewidths (Df) are not applicable for practical applications. On the other
hand, a CPP-GMR device generally has a narrow Df compared with the MTJ-based
STOs [93]. Furthermore, a CPP-GMR stack is free from the risk of dielectric
breakdown in a tunnel barrier material. Therefore, a CPP-GMR device showing a
large MR ratio has potential for a high-performance STO.

36.4.3 Heusler-Based Spin Torque Oscillator

Asmentioned in Sect. 36.3.2, half-metallic Heusler alloys enable us to obtain the high
MR ratios even for CPP-GMR devices. CMS is one of the Heusler alloys theoretically
predicted as a half metal and experimentally showing highMR ratios [61–66], leading
to the enhancement of Pout even for a CPP-GMR-based STO [94, 95]. Figure 36.8a
depicts a structure of the CPP-GMR device with a CMS/Ag/CMS trilayer and the
measurement setup for spin torque oscillation. A stacking structure of Cr (5 nm)/Ag
(40 nm)/CMS (40 nm)/Ag (5 nm)/CMS (5 nm)/Ag (2 nm)/Au (5 nm) was prepared
on a MgO (100) single crystal substrate using an ultrahigh-vacuum magnetron
sputtering system. The 40 nm-thick bottom CMS and the 5 nm-thick top CMS layers
were grown at ambient temperature followed by in situ annealing at 500 °C to pro-
mote the chemical ordering. The film was patterned into a CPP nanopillar with an
ellipsoidal shape (0.06 � 0.11 lm2). In this device structure, the top and the bottom
CMS layers behave as free and fixed layers, respectively, against spin torque given by
Idc. The CPP-GMR device was connected to the circuit with a two-terminal rf probe
and Idc was applied through a bias-Tee. Positive Idc is defined as the direction that the
electron flows from the upper to the lower CMS layer. Vrf was amplified by a
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preamplifier and was monitored in frequency-domain by a spectrum analyzer.
The power spectral density (PSD) value was calculated by

PSD ¼ Vrf Idcð Þ� �2
Z0 � DfRB � Gamp

� �2	 
�1
; ð11Þ

where Vrf is the time-averaged value during the spectral measurement. Gamp is the
frequency-dependent gain of the preamplifier and DfRB is the resolution bandwidth
of the spectrum analyzer, which was set to 1 MHz. Z0 is the characteristic impe-
dance, which is 50 X for the present measurement. Figure 36.8b shows the rf
spectrum at Idc = 8 mA, where a clear peak is observed. This indicates that the spin
torque oscillation is induced in the top CMS layer. Idc dependence of Pout at
Hext ¼ 150 Oe is shown in Fig. 36.8c. Once Pout increases monotonically after the
onset of rf oscillation, and then it decreases with increasing Idc. The large Pout of
1 nW is obtained at Idc ¼ 7:5mA, which is much larger than the output power
reported in CPP-GMR-based STOs using conventional ferromagnetic layers.
However, the high power spin torque oscillation is observed only in a narrow Idc
region. Macrospin simulation suggests that the high spin polarization of CMS
layers leads to narrowing the optimum Idc region for the spin torque oscillation,

Fig. 36.8 a Structure of a current-perpendicular-to-plane (CPP) device with a Co2MnSi (CMS)/
Ag/CMS trilayer and measurement setup for spin torque oscillation. b Rf spectrum measured at
Idc = 8 mA and Hext = 200 Oe. c Rf output power (Pout) as a function of Idc at Hext = 150 Oe [97]
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which is due to the narrow region for the condition balancing the large spin torque
with Hext [95], i.e.,

Th ¼ �aTu þ gðhÞ I=eð Þ �h=2ð Þ cos h ¼ 0: ð12Þ

In order to improve spin torque oscillation characteristics, Co2Fe0.4Mn0.6Si
(CFMS) is a more suitable Heusler alloy than the CMS because its lower magne-
tization damping than that for CMS [34] would be useful to obtain narrow oscil-
lation linewidth. In addition, it was reported that the CPP-GMR devices with
CFMS/Ag/CFMS exhibited the MR ratios larger than CMS/Ag/CMS [67, 68].
Thanks to the large CPP-GMR effect for the CFMS/Ag/CFMS, the value of Pout

was significantly enhanced [96, 97]. For example, under the perpendicular Hext, the
large Pout ¼ 23:7 nW was obtained and Df showed the value of 10 MHz, giving the
excellent Q factor of 1,124 [96]. Although the nanopillar-shaped STOs improve
Pout and the Q factor, the other-type STOs also have several advantages. The
point-contact-type STO with the CFMS layers exhibited the large Pout without
applying Hext [98]. This zero-field spin torque oscillation was induced by the
combination of spin torque and the Oersted field due to the current injection. In
addition, the dynamics of magnetic vortex can be exploited for improving the STO
characteristics, e.g., narrowing the oscillation linewidth and the resultant high
Q factor. The circular-shaped STO consisting of CFMS/Ag/CFMS showed the
formation of magnetic vortex in the CFMS layer and exhibited the very high
Q factor more than 4,000 [99, 100].

As described above, the large Pout ¼ 23:7 nW was obtained for the
CPP-GMR-based STO with CFMS/Ag/CFMS [96]. After calibrating the rf trans-
mission loss, the value of Pout was calculated to be 0.3 lW. Then, the output
efficiency of STO, which was given by the ratio of Pout to the input power (Pin), was
0.16% for the present STO. This value is of the same order as the largest one
obtained for the CoFeB/MgO/CoFeB MTJ [101]. Consequently, the Heusler alloys
such as CMS and CFMS are promising materials to improve the spin torque
oscillation characteristics owing to their high MR ratios originating from the high
spin polarizations and low damping constants.
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Chapter 37
Biosensors Based on Field-Effect
Transistors

Miyuki Tabata and Yuji Miyahara

Abstract Field-effect transistor (FET)-based biosensors are used to detect charge
density change as a result of biomolecular recognition on the gate of the transistor.
To realize rapid detection and precise analysis of biomolecules using FET-based
biosensors, design, and fabrication of chemical modifications at gate surface are
important considerations. In this chapter, we showed fundamental working prin-
ciples of a FET-based biosensor and described its application to the detection of
DNA and electrically neutral biomolecules, and to the analysis of cell functions.
Since the detection of electrically neutral molecules is one of challenges in
electrical/electrochemical detection methods, we showed two possibilities
employed stimuli-responsive polymer gel technique and aptamer-based chemistry
for a FET-based biosensor. Furthermore, we indicated cell functional analysis
results using ion-sensitive FET for a future alternative method of animal experi-
ment. FET-based biosensors have potential advantages in miniaturization of the
sensing device and parallel analysis. These advantages promote future medical care
such as early diagnosis, telemedicine, and point-of-care test.
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37.1 Introduction

Over the last several decades, tremendous advances have been achieved in the field
of micro- and nanoelectronics. Highly reliable and functional chips can be easily
fabricated using a precisely controlled production process. Various kinds of
information are now at our disposal using personal digital assistants. Moore’s Law,
which states that the number of transistors on a chip doubles every 18–24 months,
has been used as a guide for the long-term planning of future development. This
scaling works well for memories and microprocessors in digital electronics.
Recently, however, the rate of development and progress has slowed due to the
physical limitations of miniaturization. In order to overcome saturation of devel-
opment in micro- and nanoelectronics, researchers in the micro- and nanoelec-
tronics fields have been exploring new applications of semiconductor technologies.
Applications such as radio frequency devices, power management subsystems,
sensors, actuators, microelectromechanical systems, and biochips now play
important roles in the semiconductor industry. Among these emerging technologies,
biochips are critical for healthcare applications such as point-of-care diagnostic
testing and treatment monitoring. In this chapter, we introduce and explain the
fundamental principles and applications of biochips based on field-effect transistors
(FETs).

Insulated gate FETs, the most fundamental devices in large-scale integrated
circuits, must be fabricated in strictly controlled clean rooms. The first ion-sensitive
FET (ISFET) was described by P. Bergveld in 1970 and was found to be sensitive
to ion concentration changes in an aqueous solution [1]. ISFET continues to be used
as an ion sensor for in-depth studies and is now commercially available as a pH
sensor for laboratory use. ISFET is also used as a base device with various func-
tional modifications at the gate for the selective detection of molecules. A wide
variety of research has been reported on ISFET-based biosensors in which the
surface of the gate was chemically or biologically modified with functional mole-
cules. Functional molecules used in these studies include enzymes, proteins, nucleic
acids, and cells [2, 3].

Major advantages of using semiconductor technology to fabricate sensing
devices include the ability to miniaturize the device and integrate multiple sensing
elements and signal-processing circuits in a single chip.

The rapid increase of knowledge in the field of molecular biology has created
new applications for micro- and nanotechnologies in medicine and biology.
Examples include the parallel processing of information, miniaturization of analysis
systems, and exploring the molecular mechanisms of life. DNA chips with
high-density DNA probes have been developed for high-throughput nucleic acid
analyses, and microfluidic devices are contributing to the functional analysis of
cells. In 2010, a high-density ISFET array was commercialized as a detector in a
DNA sequencing machine in which hydrogen ions produced during single base
extension reactions were detected with the ISFET array chip. This chip fully
incorporates the large-scale integration of semiconductor devices, enabling parallel
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processing and detection of multiple reactions for high-throughput DNA
sequencing [4].

Charge-based detection using an FET-based biosensor can be utilized to register
charged target molecules such as protein or DNA. Detection is the result of
biomolecular recognition on the gate of the FET via electrostatic interactions. In
this detection scheme, the shielding effect induced by abundant mobile counterions
in an electrolyte solution hampers a direct detection of the charge of the target
species. The electric charge of biomolecules in a solution is screened at a certain
length termed the Debye screening length. The Debye length is expressed as a
function of ionic strength of the solution (/I−1/2) and yields no more than 10 nm
even in a diluted buffer solution of 1 mM. Consequently, the intrinsic charges of
target molecules localized within the range of the Debye length from the gate
surface can be detected with the FET-based detection scheme. The possibilities and
limitations of FET-based biosensors are also discussed in this chapter.

37.2 Principle of FET-Based Biosensors

A FET-based biosensor consists of ISFET and functional molecules with affinity
toward the biomolecules to be detected. The materials for the hydrogen ion–sen-
sitive layer on the gate insulator are usually composed of SiO2, Al2O3, Si3N4, or
Ta2O5. The mechanisms for pH-dependent charge alterations that occur on the
surface of these materials have been explained by the site-binding model, taking
into account a pH-dependent protonation (or deprotonation) of the
surface-elaborated hydroxyl groups. To detect entities other than hydrogen ions, the
surface of the hydrogen ion–sensitive layer is chemically or biologically modified
with functional molecules. The conceptual structure of an FET-based biosensor
with immobilized biomolecules is shown in Fig. 37.1a. The FET-based biosensor is
immersed in a measurement solution together with an Ag/AgCl reference electrode
in a saturated KCl solution. The potential of a measurement solution is controlled
by the gate voltage (VG) through the reference electrode. As a simple criterion for
the operation of the FET-based biosensors, either reaction products or consumed
reactants during the biomolecular recognition must be ions that can be detected with
the ISFET. For example, urease is an enzyme that catalyzes hydrolysis of urea as
shown in the following reaction.

ðNH2Þ2COþH2O ! CO2 þ 2NH3 ð37:1Þ

Hydrogen ions are consumed, and the local pH near the immobilized urease
changes based on this reaction. The produced pH change is correlated with urea
concentration, assuming that the quantity of urease is constant. Therefore, urea
concentration can be quantitatively determined by measuring the produced pH
change using the ISFET [5].
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Each enzyme used in this detection scheme has an optimum pH; therefore, a
buffer solution is used to keep the enzyme activity as high as possible. The use of a
buffer solution, however, suppresses the pH change produced by the detection
reaction. To counteract this, a diluted buffer solution is often used. It is necessary to
optimize buffer concentration so that enzymatic activity is not unduly compromised
and the pH change can still be detected.

FET-based biosensors may also be used to detect charge density change as a
result of biomolecular recognition on the gate of the transistor. When charged target
molecules in aqueous solution are adsorbed on the surface of the gate, electrons in a
silicon substrate electrostatically interact with adsorbed charged molecules. The
electrical characteristics of the transistors, such as the relationship between the gate
voltage (VG) and the drain current (ID), are influenced as a result of this electrostatic
interaction. In the VG–ID characteristic, the voltage at which the drain current starts
to flow is called the threshold voltage (VT). One of the typical examples of this
detection scheme is an FET-based biosensor for genetic analysis. In this device,
oligonucleotide probes are immobilized on the surface of the gate insulator as
shown in Fig. 37.1b. When cDNA molecules are contained in a sample solution,
hybridization occurs at the surface of the gate area. Since DNA molecules are
negatively charged in an aqueous solution, a hybridization event can be detected by
measuring a shift of the threshold voltage VT [6]. By measuring the direction and
the amount of the VT shift after hybridization, one can obtain information on the
density of charge of hybridized DNA molecules. When an n-channel FET is used,

DNA
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pWell

n-Si

VG

Ref. electrode

A

VD

Enzyme

Si3N4
SiO2

pWell
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Ref. electrode

A

VD

(a) (b)

Fig. 37.1 Conceptual structures of FET-based biosensors. a FET-based biosensors with
immobilized enzyme. b FET-based biosensors with immobilized oligonucleotide probes
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the VT shifts in the positive direction in response to negatively charged DNA
molecules.

Because the charges of the target biomolecules are directly detected with a
transistor after specific binding on the gate, a fundamental limitation of this
detection scheme originates from the “Debye length issue,” namely, its suscepti-
bility to counterions [7]. FET-based charge detection is inherently permitted only
within a short distance of the electrical double layer or the Debye length, which is
no greater than a few nanometers under the physiological ionic strength conditions.
According to the Gouy-Chapman model, the Debye screening length is expressed in
the following equation for an electrolyte containing an ionic species with a valence
of zi and a number density of ni:

d ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
e0erkTP
zinie2

s
ð37:2Þ

where er, e0, e, k, and T are the relative permittivity of the electrolyte, vacuum
permittivity, elementary charge, Boltzmann constant, and absolute temperature,
respectively. The Debye screening length gives a rough idea of how far the electric
field extends from the surface. When the concentrations of a 1:1 electrolyte solution
are 1 mM, 10 mM, and 100 mM, values of d are 10 nm, 3 nm, and 1 nm,
respectively. Beyond this length, the counterions’ screening effect predominates
and the charge detection of proteins is severely hampered, since typical sizes of
proteins (including antibodies) are in the order of 10 nm. In order to overcome this
problem, a diluted buffer solution is usually used; however, the three-dimensional
structure of biomolecules or the integrity of biomolecular recognition may be
influenced by the diluted buffer.

37.3 DNA Sequencing

Because its results are used in defining the human genomes, as well as the genome
of individual patients, DNA sequencing technology requires a robust methodology.
It must also be cost-effective, fast, and easy to operate as its use in clinical research
and practice becomes increasingly more common. DNA sequencing machines have
been in a development race ever since Frederick Sanger developed the first
approach in 1977. Currently available second- and third-generation DNA
sequencing platforms are trying to decrease the run time while reducing the running
cost. Ion Torrent™ is one of the major bench-top sequencing platforms [4, 8] and
works by detecting the protons released during the elongation of a strand of nucleic
acids by DNA polymerase. In Ion Torrent™, massively parallel ISFETs are inte-
grated onto Ion Torrent™ chips fabricated using semiconductor technology.
Three-micron beads that have DNA templates for use in emulsion PCR (emPCR)
attached are loaded into individual wells that are capable of conducting pH sensing.
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The DNA templates are then clonally amplified. During the amplification cycles,
each of the nucleotide bases A, C, G, and T is sequentially added to the individual
wells. If the added base is a complementary match to the template, elongation
occurs and a proton is generated. This is detected as a change in pH by the pH
sensor. If multiple copies of the same base are incorporated, a greater pH change
occurs and stronger signal is detected. This ion semiconductor sequencing tech-
nology may have some advantages in terms of cost and high-throughput readout
when compared to different technologies such as fluorescence-based DNA
sequencers such as those marketed by Illumina™. These advantages are due to the
ion semiconductor’s compatibility with microfabrication techniques.

Because of the advantages of semiconductor devices, we proposed the use of
FET for DNA sequencing [9] prior to the commercial availability of Ion Torrent™.
This measurement principle was developed for exosomal microRNA (miRNA)
detection using semiconductor-based microelectrode array [10]. We targeted
miR-143 and miR-146, which are related to colorectal cancer and breast cancer
metastasis, respectively. After ultracentrifuge collection of exosomes from cell
culture supernatant, cDNAs were produced by reverse transcription from encap-
sulated miRNAs and amplified by PCR. For potentiometric recognition of cDNA, a
5′-SH-(CH2)6-DNA was immobilized together with sulfobetaine-3-undecanethiol
(SB) on the Au array sensors. The hybridization event between immobilized DNA
and cDNA directly changes the surface potential by inducing Coulomb charges.
From the readout signal after hybridization, the detectable cDNA concentration
was >20 pM and the detection rage was 2–200 pM. This miRNA detection plat-
form realized label-free electrical sensing, although complicated pretreatment for
preparation of target cDNAs was required.

To expand this research, we developed the combination of electrical detection
devices and isothermal amplification methods for detection of nucleic acids [11,
12]. In principle, the characteristics and the stability of electrical devices including
FET should be changed by thermal cycles of PCR. Isothermal nucleic acid
amplification methods do not require a high-temperature denaturation step. Instead,
they rely on strand displacement-type elongation at constant temperature. This is a
strong advantage for electrical detection because it reduces the noise to signal ratio.
We performed chronocoulometric miRNA detection combined with rolling circle
amplification (RCA) in the presence of [Ru (NH3)6]

3+ as the signaling molecule
[11]. Chronocoulometry (CC), which detects the produced charge by adsorbed
reactant to the electrode surface, was conducted to detect RCA products on the Au
electrode. As shown in Fig. 37.2a, detection sensitivity for DNA and miRNA
(miR-143) were 100 fM and 1 pM, respectively. Furthermore, in order to realize a
label-free detection, we fabricated an ethidium ion (Et+)-selective electrode
(Et+ISE) and monitored isothermal DNA amplification by primer-generation RCA
(PG-RCA) [12]. Since Et+ is known as a typical intercalator, there’s a potential
decrease of elongation of PG-RCA amplicon due to the intercalation of positive
charge by Et+ added to the reaction mix. Since Et+ sensitivity follows the Nernstian
Eq. (37.3), output potential of Et+ISE is proportional to the log of the Et+ activity in
the PG-RCA mixture.
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E ¼ E0 þð2:303RT=zFÞ log a ð37:3Þ

where E0 is the standard electrode potential at 25 °C, R is a gas constant, T is
temperature, z is valence of ion, F is Faraday constant, and a is ion activity. The
real-time potential shift during PG-RCA is shown in Fig. 37.2b. It was measured in
the range of 10 nM–1 µM of initial target DNA as the difference between reference
electrode (Ag/AgCl) and Et+ISE using an electrometer.

Since these combinations of electrical/electrochemical devices and isothermal
amplification could provide chip-based isothermal amplification devices, it could be
a useful platform, particularly as a point-of-care testing device.
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Fig. 37.2 Electrochemical biosensors for quantitative detection of nucleic acids.
a Chronocoulometric DNA and microRNA detection combined with rolling circle amplification,
reproduced from Ref. [10] with permission from the Royal Society of Chemistry. b Real-time
DNA amplification monitoring using micro Et+ sensor and primer-generation rolling circle
amplification, reproduced from Ref. [12] with permission from the Japan Society for Analytical
Chemistry
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37.4 Functional Analysis of Cells

The first step in the evaluation of drug candidates is generally in vitro analysis using
cultured cells. The development of cell-based biosensors promises to optimize this
type of analysis.

We developed a microperfusion ISFET device for measuring proton-dependent
membrane activity at the surface of Xenopus laevis oocytes [13]. The output
voltages of this system under verified standard buffer solutions from pH 4.0 to pH
9.2 were calculated to pH according to the Nernstian equation. The pH sensitivity
was −58.0 mV/pH, demonstrating the excellent pH-sensitive gate material of Ta2O5
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Fig. 37.2 (continued)

564 M. Tabata and Y. Miyahara



(ideal Nernstian slope is −59.2 mV/pH at 25 °C). As shown in Fig. 37.3a, VSG on
oocytes heterologously expressing the proton-driven amino acid transporter (PAT1)
significantly shifted to minus by exposure of 1 mM proline solution, reflecting the
local pH increase at the ISFET interface associated with intracellular uptake of a
proton and a proline. In contrast, the signal for oocytes heterologously expressing
the electrogenic sodium-coupled phosphate cotransporter (NaPi-IIb) was reversed,
indicating a decrease in the surface pH of the ISFET. These results are explained by
equilibrium of divalent (HPO4

2−) and monovalent (H2PO
4−) phosphate species as

shown in the following reaction.
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Fig. 37.3 Cell-based biosensor integrated with microperfusion system. a Evaluation of
proton-dependent membrane activity using oocytes, reproduced from Ref. [13]. b Interaction
monitoring between EIPA and sodium hydrogen exchangers using mammalian cells, reproduced
from Ref. [14]
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HPO2�
4 þH þ $ H2PO

�
4 ð37:4Þ

After uptake of divalent Pi (HPO2�
4 ), equilibrium shifted to the left-hand side in

formula (37.4) because assumed pKa is 6.8 under physiological conditions,
resulting in the generation of protons. This cell-based–transistor for the analysis of
transporter function is expected to contribute to high-throughput screening in
pharmaceutical research.

We next fabricated a nondestructive evaluation device based on sodium
hydrogen exchangers (NHEs), which are ubiquitous ion transporters that serve
multiple cell functions. This device combined ISFET, mammalian cells, and the
microperfusion system [14]. The sensing system was capable of detecting not only
transient changes caused by ammonia loading and unloading but also the
steady-state signals that are likely to be influenced by the extracellular proton
gradient. This suggests that the output signal of ISFET can be enhanced by using an
intra/extracellular pH ammonia equilibrium reaction.

In the last set of experiments, 5-(N-ethyl-N-isopropyl) amiloride (EIPA) was
used to analyze the cells’ pH-regulatory response via the NHE. Figure 37.3b shows
a series of results of the EIPA-sensitive assay. Chinese hamster ovary cells and
NHE3-reconstituted mouse skin fibroblasts (MSF) showed a positive response,
whereas NHE-deficient MSF showed no response. We further established the
reliability of this device by examining dose-response and investigating other
proton-sensitive membrane proteins. This cell-based transistor is expected to
become a platform technology for drug discovery, screening and diagnostic tests,
and the evaluation of induced immune response by chemical compounds.

37.5 Detection of Electrically Neutral Molecules

One of the big challenges for FET-based biosensors is the detection of electrically
neutral molecules. In the case of FET-based biosensor for genetic analysis, DNA
has abundant negative charges in nucleotides (−308 Da/charge) owing to the
phosphate-deoxyribose backbone structure. Detection of proteins is more difficult
due to lower charge density. Only five types of amino acids out of a possible 20 are
primarily responsible for electrical properties. Arginine, lysine, and histidine are
cationic, and aspartic acid and glutamic acid are anionic. Therefore, proteins are
zwitterions in a certain range of pH, resulting in insufficient net charge. For
example, the estimated charge density of human serum albumin is −5733 Da/
charge at pH 7.4.

In order to overcome this problem, we have made use of a stimuli-responsive
polymer gel formed directly on the gate of a transistor. Stimuli-responsive polymer
gels are a class of material capable of undergoing marked changes in their
physicochemical properties in response to a series of specific stimuli. As
proof-of-principle, a phenylboronic acid-based polymer gel, a thoroughly synthetic
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and well-characterized glucose-responsive material, was applied to the FET gate
surface as a 50 lm thick layer as shown in Fig. 37.4a. This created an FET-based
sensor for glucose [15], an electrically neutral molecule. In this configuration, an
applied glucose stimulus triggered an abrupt volume change of the gel, termed a

The VT change is induced by the permittivity 
change.
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Fig. 37.4 FET-based biosensors with stimuli-responsive polymer gels, reproduced from Ref. [15]
with permission from John Wiley and Sons with the license number of 4476360151639. a An
FET-based glucose sensor with immobilized phenyl boronic acid. b Responses of an FET-based
glucose sensor to various glucose concentrations
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“volume phase transition”. This transition also involved other physical parameter
changes including thickness, charge density, and permittivity [16].

As the output signal of the FET-based biosensor, the shift of the threshold
voltage, ΔVT, can be expressed in the following formula.

DVT / ðDQDLÞ=CI ð37:5Þ

CI ¼ ðe0eiÞ=d ð37:6Þ

Here ΔQDL, CI, d, and er are the charge density change induced within the Debye
length, the gate capacitance per unit area, the thickness of the gate insulator, and
relative permittivity of the gate materials, respectively. Detection of DNA as
described in Sect. 37.3 is based on the charge density change in formula (37.5),
while the gate capacitance is considered to be constant. In the system described in
Fig. 37.4a, a permittivity change of the gel is a major source of the threshold
voltage change, rather than charge density change. The volume change of the
polymer gel is practically equivalent to that of water content. A significantly high
relative permittivity of water (*80) compared to those typical for condensed
polymeric materials (*2) is responsible for this change. The permittivity change of
the gate materials is another determining factor of the threshold gate voltage (VT) as
shown in formulae (37.5) and (37.6). Figure 37.4b shows a typical example of the
glucose responses of the FET-based sensor with a phenylboronic acid-based
polymer gel. The output signal of the transistor changes depending on the con-
centration of uncharged glucose. The reversibility of the signal was also confirmed.
Thus, glucose concentrations could be measured as the change in permittivity of the
gate materials in harmony with the volume phase transition of the gel.

We have developed another approach for the detection of electrically neutral
molecules using an aptamer with a hairpin structure in combination with a groove
binder for the DNA duplex. The conceptual structure of the device is shown in
Fig. 37.5a. A hairpin-structured aptamer has a stem-loop configuration containing an
adenosine-binding sequence in the loop structure. The hairpin-structured aptamer is
immobilized on the surface of the Au gate electrode. Upon adenosine recognition and
capture by the adenosine-binding sequence, the conformation of the hairpin structure
changes from closed loop to open-loop, as shown in Fig. 37.5a. A positively charged
DNA binder, 4′,6-diamidino-2-phenylindole (DAPI), is incorporated into the DNA
duplex in advance and released from the stem of the hairpin aptamer upon
adenosine-induced denaturation. The release of the cationic DNA binder from the
gate–solution interface results in signal generation of the transistor, allowing detection
of electrically neutral adenosine molecules. Figure 37.5b shows detection of adeno-
sine in comparison with guanosine based on this detection scheme [17]. The sensitive
and selective detection of electrically neutral adenosine was achieved within the
dynamic concentration range of 10−8–10−6 M. In this experimental condition, the
calculated Debye length in 15 mM Dulbecco’s phosphate-buffered saline was
2.5 nm. Considering the intramolecular distance between bases (0.34 nm), the 7-mer
of the stem part at the 5′ end of the aptamer is always localizedwithin theDebye length
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at the surface of the gate Au electrode. Therefore, the FET-based device is sensitive
and specific to variations in the charges of the stem, induced by the dissociation of
DAPI upon capture of adenosine.
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Fig. 37.5 Principle of FET-based biosensors with hairpin aptamer and intercalator, reproduced
from Ref. [17] with permission from Elsevier with the license number of 4476341143732.
a Detection scheme for electrically neutral adenosine. b Response curves for adenosine in
comparison with guanosine
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37.6 Conclusion

In this chapter, we described several types of FET-based biosensors, focusing on
the design and fabrication of chemical modifications at the surface of the gate. The
fundamental principles of a FET-based biosensor and its application to the detection
of DNA and electrically neutral biomolecules and to the analysis of cell functions
are also described. In addition, we showed two examples of FET-based biosensors
with which electrically neutral molecules could be detected. By designing and
optimizing the structure and function of the interface between gate materials and
solution, a wide variety of molecules can be detected with an FET. FET-based
biosensors have potential advantages such as miniaturization of the sensing device
and integration of multiple sensors and signal-processing circuits in a single
chip. The potential small size of the clinical instruments provides a point-of-care
diagnostic approach to detect biomarkers such as nucleic acids of viruses or
microorganisms for infectious disease testing not only in a hospital but also in a
physician’s office. In developed countries, aging populations are leading to
increased medical needs, while the ability to respond to those needs is limited by
hospital capacity, the availability of doctors, and increasing healthcare costs.
A possible solution to this problem is the increased use of home healthcare.
A simple, small, sensitive, and user-friendly detection system is required to make
this a reality.
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Chapter 38
Amorphous Oxide Semiconductor
Thin-Film Transistors

Toshio Kamiya, Kenji Nomura, Keisuke Ide, Jungwhan Kim,
Hidenori Hiramatsu, Hideya Kumomi and Hideo Hosono

Abstract Amorphous oxide semiconductor (AOS) is now commercialized in many
flat-panel displays. On the other hand, its electronic structures and defects are
largely different from conventional covalent semiconductors such as Si. This
chapter explains their origins and reviews the defects that have been known to date.
Finally, we will discuss how to fabricate high-quality, stabile AOS.

Keywords Amorphous oxide semiconductor � Thin-film transistor � Flat-panel
display � Defects � Impurity hydrogen � Weakly-bonded oxygen � Stability

38.1 Introduction

Amorphous oxide semiconductor (AOS) represented by amorphous In–Ga–Zn–O
(a-IGZO) is employed as thin-film transistors (TFTs) in many flat-panel displays
(FPDs) from very high-resolution liquid-crystal displays (LCDs) to large (up to 88
in. diagonal prototype as of 2018) organic light-emitting diode (OLED) TVs
because AOS TFTs have high field-effect mobilities (lFE) exceeding 10 cm2/(Vs)
and can flow high-density current *100 times larger than that of conventional
amorphous Si (a-Si) TFTs as seen in Fig. 38.1. In this chapter, we review the
present status of AOS including applications to FPDs and integrated circuits as well
as fundamental materials science. Here, we try to minimize the number of refer-
ences due to the page limitation. Please see books and review papers [1–4] for
details.
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38.2 History and Present Status of AOS TFT Technology

The invention of TFTgoes back to theCdS/CdSeTFTs bySchokley in 1948, followed
by the invention of Si MOS field-effect transistors (FETs) in 1960. Research of
oxide TFTs started in mid-1960s from crystalline ZnO, In2O3 and SnO2 FETs and
TFTs [1], but faded out from open-accessible literatures after that until 1990s. The
next oxide TFT reappeared in 1996 with an epitaxial SnO2 channel combined with a
ferroelectric memory gate. Oxide TFT research became active in 2000s due to
expectation that polycrystalline ZnO (poly-ZnO) can produce TFTs at low tempera-
tures on large-size glass substrates comparable to the already-commercialized a-Si:H
TFTs. However, the initial poly-ZnO TFTs suffered from low lFE up to 3 cm2/(Vs)
and normally-on characteristics caused by high-density residual electron carriers and
grain boundary (GB) defects [5]. It was also expected that polycrystalline TFTswould
suffer also from nonuniformity issues arising from their GBs similar to poly-Si TFTs.

We reported the first AOS TFT in late 2014 with an a-IGZO channel deposited
by pulsed laser deposition (PLD) [6]. Due to the amorphous structure without GBs,
it overcomes the above deficiencies of polycrystalline oxide TFTs. Although the
first AOS TFT was fabricated by PLD at room temperature (RT) without thermal

0 5 10 15
0

50

100

150

200

-5 0 5 10
VGS (V)VDS (V)

VGS=0–15V
I D

S (
μA

)

10-14

10-12

10-10

10-8

10-6

10-4

0 5 10 15 20
0

1

2

3

VDS (V)

I D
S (

μ A
)

VGS=2–20V

-20 -15 -10 -5 0 5 10 15 20
10

-13

10
-12

10
-11

10
-10

10
-09

10
-08

10
-07

10
-06

10
-05

VDS=10V 

VGS (V)

I D
S

(A
)

I D
S

(A
)

VDS=2,4,6,8,10V 

(a)

(b)

Fig. 38.1 Typical TFT characteristics of a a-IGZO and b a-Si TFTs

574 T. Kamiya et al.



annealing, most of current AOS TFTs are fabricated by RF/AC/DC sputtering
combined with post-deposition thermal annealing, e.g., at 300–400 °C. For the
large-size sputtering systems, ULVAC [7] and AKT [8] provide Generation 8 or
larger size sputtering systems. The first commercialization of oxide TFT was done
by Sharp in March, 2012 for TFT backplane in retina LCD in Apple’s new iPad,
followed by commercialization of Sharp brand smartphones and tablet PCs.
The AOS applications are now extended to very high-resolution LCDs for smart-
phones (e.g., 460 pixel per inch (ppi)), 27ʺ 5 K PC LCD monitors, and also for
large-size (up to 88ʺ) OLED TV. The OLED TV is now available as very thin
“Picture-on-Wall display” that can be attached to a wall by magnets, and also
prototype rollable OLED TV is demonstrated.

38.3 New Applications of AOS

The above products benefit from the intrinsic features of TAOS TFTs such as
process compatibility to the existing a-Si:H TFT production lines, good uniformity
owing to the amorphous structure, high lFE > 10 cm2/(Vs), and low process tem-
perature owing to the strong iconicity of AOS as explained in Chap. 6. These
features allow AOS TFTs to be applied to flexible devices. Actually, the first paper
[6] demonstrated transparent and flexible TFT sheets fabricated on PET substrates
using transparent conductive oxide electrode, and many flexible OLED displays
have been demonstrated using AOS TFTs.

Another interesting feature of AOS is the transparency for human eyes, which
enables completely transparent electronic devices. Facilitating the high transmit-
tance of AOS TFTs, Toppan proposed a novel idea of front-drive structure [9]. In
conventional color active-matrix (AM) electronic papers and displays, a color filter
array is formed on a front plane and a TFT array on a back plane; therefore, fine
alignment between these planes through a liquid-crystal (LC) layer or E-Ink
microcapsules is necessary to avoid color misfit. However, the thickness of the
E-Ink microcapsules (40–50 lm) is much larger than that of the LC layer (4–6 lm),
making the alignment much difficult. This problem will be more critical for flexible
displays because bending the display inevitably causes horizontal misalignment
between the front and back planes. This issue is solved by integrating the TFT array
on the color filter front plane (a similar structure is now referred to as COA, Color
filter on TFT Array), where the high transparency of AOS TFTs is actually utilized.

AOS TFTs are expected also for integrating driving circuits in display panels
(system-on-display) because their large lFE enables to fabricate high-frequency
circuits as well. 410 kHz oscillation of 5-stage ring oscillator (RO) [10], and faster
ones [11] were reported using a-IGZO TFTs. Ultra-miniaturization of oxide TFTs
has also been examined for faster operation and integrated high-density memory
devices. It is reported that a-IGZO TFTs are down-scalable to the channel length of
50 nm without suffering from the short-channel effect [12]. High-frequency
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operation up to 180 MHz is reported for 1-lm-long a-In–Zn–O (a-IZO) TFTs [13].
These operation speeds are more than enough for gate/source driver circuits to drive
AM-FPDs, and actually many current small-to-medium size FPDs driven by
a-IGZO TFTs employ gate driver circuits integrated into the TFT backplanes.

For low power consumption applications, Hitachi, Ltd. reported very
low-voltage (1.5 V) operation of AOS TFTs [14] and demonstrated 13.56 MHz
RFID tag operating by 1 nA of driving current [15]. Facilitating the wide operation
voltages from 1.5 to *100 V of AOS TFTs, Renesas Electronics proposes inte-
gration of oxide (n-type IGZO and p-type SnO) TFTs in Si MOS ULSI, where the
oxide TFTs bridges the low operation voltage ULSI circuit to an external high
voltage load [16]. Further, AOSs are expected also for memories (see Ref. [1] for
references). Many nonvolatile memories have been proposed using an a-IGZO
including floating-gate memories, resistivity switching memories, and ferroelectric
memories (FeRAM), where a-IGZO layers were used for the components different
from TFT, such as floating node, resistivity switching media, etc.

AOS TFTs also have another advantage over Si FETs/TFTs. FETs/TFTs are
used to keep the voltage states in switching TFTs in FPDs and memories; therefore,
their retention time is limited by the off current Ioff (or in other words, leakage
current) of the FETs/TFTs, which are typically <1 nA for Si MOSFET, *1 pA for
poly-Si TFTs, and *0.1 pA for a-Si:H TFTs. Display pixel and driving circuits are
designed so that we cannot recognize image blinking at 60 Hz refresh rate. On the
other hand, IGZO TFTs have much smaller Ioff, which can be as low as the order of
10−26 A per lm in gate width at 27 °C [17]. The Sharp’s smartphones and tablet
PCs in market utilize this very low Ioff and vary the refresh rate down to 1 Hz while
a still image is displayed (“LCD idling stop technology”). The low Ioff is effective in
particular for reflective displays because only TFT backplanes consume electric
power. Qualcomm MEMS technology (QMT) once released reflective displays
based on MEMS (“Mirasol”) display in smartwatches although the commercial
products employed a-Si TFTs. QMT also demonstrated Mirasol display driven by
a-IGZO TFTs [18]. Qualcomm Pixtronix has also developed a different type of
MEMS display together with Sharp, which uses field sequential color control with
RGB LEDs and digital micro-shutters. As the micro-shutter requires operation
voltages as high as 20 V and higher speed than 0.1 ms, IGZO TFTs are used as the
backplane [19]. Low Ioff of IGZO TFTs also enables to realize nonvolatile DRAM/
NOSRAM and normally-off CPU [20].

38.4 Electron Transport and Subgap Defects in TAOS

AOS has several common properties which are not seen in conventional amorphous
semiconductors. First one is their large electron mobilities >10 cm2(Vs)−1, which is
higher by 1–2 orders of magnitude than that in a-Si:H. Second is that a degenerate
conduction state can be realized easily by doping. For instance, c-Si is easily
changed to the degenerate state by carrier doping (*1018 cm−3), but degenerate
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state has never been attained in a-Si:H [21] to date. That is, carrier conduction takes
place by hopping through tail states in conventional amorphous semiconductors,
and therefore mobility is low. On the other hand, in AOS, degenerate conduction
and the large electron mobilities >10 cm2/(Vs) are easily attained. This difference
originates from that in chemical bonding nature as explained in Chap. 6.

Doping mechanism of AOS is also different from a-Si:H. In a-Si:H, aliovalent
dopants such as P and B replaces the Si site in the tetrahedral coordination poly-
hedral; therefore, aliovalent doping works properly. On the other hand, such clear
coordination structure has not been established in AOS, and DFT calculations for
a-IGZO suggests that the coordination numbers around a metal cation have a large
distribution [22–24]. Recent researches have revealed that the cation to oxygen ratio
in AOS is very flexible. It is known that a-IGZO deposited by PLD and conventional
sputtering contain high-density impurity hydrogens at 1020–1021 cm−3 [25]. These
hydrogens are considered to work as donors and generates mobile electrons, but
compensated by excess oxygens. This situation would be understood by a simple ion
charge counting rule summarized in Ref. [2], i.e., the total charge neutrality of the
constituent ions determines the electron density. Therefore, aliovalent ion doping
(e.g., Ga3+ doping to Zn2+ site) is expected to donate one mobile electron, but it is
compensated by introducing excess 1/2 O atoms, which will be ionized to 1/2 O2−

ion upon trapping a mobile electron if appropriate deposition condition (PO2 etc.) or
post-deposition thermal annealing is applied. A similar situation also happens if
more impurity hydrogens are incorporated from a dirty deposition chamber; the
mobile electrons generated from the hydrogens can be compensated by higher PO2
deposition or annealing conditions with more excess O (Fig. 38.2) [26].

It is important to notice that Hall mobility (lHall) in AOS depends largely on Ne

due to the presence of potential barriers in conduction band arising from its
structural randomness. As seen in Fig. 38.3, lHall increases with increasing Ne and
finally exceeds 10 cm2(Vs)−1 if Ne exceeds *1018 cm−3 [6, 26]. Although the
slopes, dlHall/dNe, and the threshold Ne (Ne,th) depend on the IGZO films fabricated
by different deposition conditions/with different structures, the positive slopes are
commonly observed. This lHall versus Ne behavior is explained by percolation
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conduction model, in which electron transport is controlled by distributed potential
barriers above CBM [27].

The dominant factor of lFE is partly different from that of lHall because lFE is
expressed roughly by lHall (Nind – Ntrap)/Nind, where Nind is the total electron
density induced by the gate voltage and Ntrap is the density of the induced electrons
trapped by subgap defects [2]. Therefore, low Ntrap is important to obtain high lFE.
It is confirmed by TFT analyses [28], C-V analyses [29, 30], etc. These studies have
revealed that the subgap trap densities in AOSs are 2–3 orders of magnitude smaller
than that of a-Si:H where EF is close to CBM. The low trap density is explained also
by the electronic structure specific to the strong iconicity of AOS as explained in
Chap. 6. Figure 38.4 illustrates these electronic structures, which also shows
reported defect states in the band gap of a-IGZO [2, 31].

38.5 Deposition Condition to Obtain Good AOS TFT

Figure 38.1 shows a typical (left) drain–source current (IDS) − voltage (VDS) char-
acteristics at various gate biases (VGS) (output characteristic) and (right) IDS − VGS

characteristics at various VDS (transfer characteristic) in comparison with those of
a-Si:H TFT. It is seen that the on current (Ion) of a-IGZO TFT is two orders of
magnitude larger than that of the a-Si:H TFT. In general, an OLED pixel requires
several lAof driving current, indicating that only 5 V is enough for a-IGZOTFTs but
20 V is not satisfactory for a-Si:H TFTs. This is the reason why a-Si:H and organic
TFT backplanes are not considered for practical OLED displays, and only oxide and
poly-Si TFT backplanes are used. As explained above, a-IGZO TFTs easily attain
high lFE > 10 cm2/(Vs), and Ioff already reaches the measurement limit of*10−14 A
and actually much lower than this value. In addition, the low operation voltage of
a-IGZO TFT benefits also from the small subthreshold voltage swing (S value).

1

10

Carrier density / cm-3
M

ob
ili

ty
 / 

cm
2 /V

s

HQ a-IGZO

c-IGZO1
c-IGZO5

LQ a-IGZO

1016 1017 1018 1019 1020

Fig. 38.3 Hall mobility
versus electron density

578 T. Kamiya et al.



To obtain such good TFTs, PO2 during film deposition is very important as seen in
Fig. 38.5. It has been recognized that good TFTs are obtained with a-IGZO channels
having the electrical conductivities 10−6–10−3 S cm−1, which corresponding to
Ne = 1012–1015 cm−3 upon supposition of lHall = 10 cm2/(Vs). A key technology for
producing practical TFTs is post-deposition thermal annealing. Although AOS TFTs
operate with large lFE > 10 cm2/(Vs) even without substrate heating or thermal
annealing; however, as seen in Fig. 38.6, unannealed TFTs exhibit serious
non-uniformity issues as well as hysteresis and instability (Vth shift, DVth).
Post-deposition thermal annealing at 300–400 °C in air or O2 improves the
non-uniformity issues (Fig. 38.6d) [32, 33] and also the other issues. As explained
above, a-IGZO TFTs deposited with the optimum condition (high-quality, HQ
a-IGZO) operates with goodlFE. On the other hand, that fabricatedwith off-optimized
condition often causes poor operation characteristics as shown in Fig. 38.6b, but the
poor characteristic is recovered to a good one comparable to Fig. 38.6a by the thermal
annealing (Fig. 38.6c). However, although the resulting TFT characteristics appear
similar, the annealed LQ a-IGZO still have high-density deep defects just above the
VBM (near-VBM states) [34]; therefore, it is important to use the optimum condition
so as to obtain high lFE, small S value, and Vth close to 0 V with minimum subgap
optical absorption (corresponding to the density of the near-VBM states).

For depositing AOS films, other parameters should also be considered. It has
been clarified that low total pressure (Ptot) produces higher density a-IGZO films
and less-defective a-IGZO TFTs [35–37]. There is also a trend that higher RF/DC
power is better [36]. These conditions (higher power, lower Ptot, smaller
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substrate-target distance) appear to contradict with a common sense of plasma/
sputtering depositions because these increases kinetic energy of deposition pre-
cursors and Ar+ ions, and thus increase ion bombardment damage to the film.
However, on the other hand, higher kinetic energy would be better to form a denser
film, and the bombardment damage would be recovered by post-deposition thermal
annealing for AOS films. Recent works have revealed that higher Ptot incorporates
excess oxygen and Ar into a-IGZO films and causes low density [35, 37]. As for
PO2, too high PO2 also incorporate excess/weakly-bonded oxygen and create extra
defects [38, 39]; therefore, PO2 during deposition should be tuned finely.

Another important issue to be considered is cleanness of deposition chamber and
annealing system. As explained for Fig. 38.2, impurity hydrogen affects Ne and
optimum PO2 very seriously. Further, the impurity hydrogen increases the
near-VBM defects as –OH bonds [26]. For our conventional sputtering system, the
optimum gas flow rate ratio, RO2 = [O2]/([O2] + [Ar]), is *3%, but is significantly
reduced if ultrahigh-vacuum (UHV) sputtering system is employed [40] while
increased if a dirty condition (poorer base pressure) is employed as seen in
Fig. 38.2. This indicates that the optimum RO2 may be used as a measure of
cleanness of deposition chamber and impurity hydrogen concentration. To date, it
has been revealed that some hydrogens have good roles to reduce defects [41], but
too many hydrogens cause extra instability [42].

38.6 Defects in AOSs (See Ref. [4] for the Latest Review)

As seen in Fig. 38.4, a-IGZO has very deep defects just above the valence band
maximum (VBM, near-VBM states), which is observable by 6–8 keV excitation hard
X-ray photoemission spectroscopy (HAXPES) [34, 43]. To date, various defects in
AOSs have been clarified and proposed, which include (i) oxygen deficiency,
(ii) weakly-bonded (wb-)/excess(ex-)/undercoordinated (uc-) oxygen, (iii) peroxide,
(iv) low valence state cations, (v) hydrogen, and (vi) metastability due to flexible
amorphous structure as summarized in Fig. 38.4 (references therein). These defects
are related closely to TFT characteristics, hysteresis, and instability. Impurity H also
have important roles on materials properties and TFT characteristics/stability as
explained in the previous section. We have reported H works as shallow donors and
exists mostly in the form of –OH bonds [25] while these donors are compensated by
excess O (ex-O) in highly resistive, TFT-quality a-IGZO films [26]. More recently, a
new chemical species of H, hydride ion H−, was found experimentally [44]. Both the
H states, –O2−H+ and H−@O2−, form shallow donor states and generate an electron
each, while the latter is much thermally stable.

As for wb-/ex-O, if we employ a strong oxidation condition such as high RO2

during sputtering [39] and 300 °C O3 annealing [38], a wb-/ex-O forms a bistable
electron trap and produces a poor and unstable TFT. These two oxygen-related
defects are formed under opposite fabrication conditions, and thus the optimum
fabrication condition for AOS TFTs is limited in a narrow window.
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Hydrogen-related defects also have similar double-face behaviors [40–42]; some
hydrogen causes TFT instability [42] while some passivate defects and improve
TFT characteristics [41]. It should also be noted that the hydrogen impurity is
related closely to excess oxygen because free electrons generated from hydrogen
donors should be captured and compensated by incorporation of ex-O during film
deposition or post-deposition annealing [25, 26]. This compensation effect by
oxygen is more evident for the case of a-IGZO films deposited by ultrahigh vacuum
(UHV) sputtering with the base pressure *10−7 Pa (Fig. 38.7). Conventional
sputtering (STD) with the back pressure*10−4 Pa produces device-quality a-IGZO
films and good TFTs if we control RO2 during sputtering at RO2 = 2.5–3.0% so that
the electrical conductivity (r) becomes 10−3–10−6 S/cm. For the UHV sputtering
case, this range of r is obtained at very low RO2 = 10−3–10−5%, where operating
TFTs can be fabricated. The big difference in the optimum RO2 is explained by
impurity hydrogen ([H] > 1020 cm−3 for STD, while [H] is reduced to *1019 cm−3

[39]). This means that conventional sputtering for oxides, in usual, requires rather
high RO2, but most of the supplied oxygen is consumed to compensate the hydrogen
impurity.

We also reported that high working pressure Ptot also introduces wb-/ex-O and
causes deterioration of TFT operation and produces low-density a-IGZO films [35,
37]. It was considered that incorporation of ex-O and Ar would be an origin of the
low film density, while more recent work revealed that the high Ptot condition
enhances columnar growth with high-density nanopore structure [37] (Fig. 38.8).
Both the films deposited at an optimum Ptot = 0.55 Pa (Fig. 38.8 (left)) and a very
high Ptot = 5 Pa (center) have dense layers in the vicinity of the glass substrate
surfaces, but then the growth mode changes to columnar-like one as observed by
the increase in the surface roughness (Fig. 38.8 (right)). Even after the growth mode
changes, the optimum a-IGZO keeps high-density structure, but the high Ptot film
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has high-density vertical nanopores and the film density is reduced drastically.
Although TFTs using the high Ptot a-IGZO channel became to exhibit a reasonable
performance after 300 °C annealing (Fig. 38.9), the nanopores were not annihilated
by 300 °C annealing. It indicates that employing high Ptot should be avoided to
obtain stable TFTs even if the static TFT characteristics will be better after
annealing.

We should also notice that atomic-size nanovoids such as oxygen vacancy
(oxygen deficiency with free space) would work as electron traps as suggested by
DFT [22, 23]. A clear experimental evidence is shown in Fig. 38.10. The electrical
resistivity decreases with decreasing PO2 during PLD deposition in the high PO2
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Fig. 38.8 STEM-HAADF images of a-IGZO films and growth mode change. Deposited at (left)
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thickness. Growth mode changes at the vertical lines indicated in the right figure

Fig. 38.9 Transfer characteristics of a-IGZO TFTs using a-IGZO channels deposited at different
Ptot, a 0.55 and b 5.0 Pa
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region as usually observed in oxide semiconductors. On the other hand, further
decrease in PO2 below 1 Pa sharply increases the resistivity by several orders of
magnitude (Fig. 38.10 (left)). Simultaneously, the formation of high-density
near-VBM states is observed by HAXPES (Fig. 38.10 (right)). This can be
explained that the low PO2 deposition produces oxygen-poor a-IGZO films and the
oxygen deficiency would generate free electrons, but the free electrons are all
captured by the near-VBM states, causing the perfect charge compensation.

38.7 Development of Amorphous GaOx by Suppressing
Charge Compensation

It is known crystalline b-Ga2O3 is a very wide band gap oxide semiconductor with
the band gap *4.9 eV. On the other hand, amorphous Ga–O (a-GaOx) had never
been converted to electronic conductor. As discussed for the high PO2 region in
Fig. 38.10 (left), usual oxide semiconductors exhibit higher conductivity and higher
electron densities at lower PO2. However, for the case of a-GaOx, the low PO2

condition including PO2 = 0 did not produce conducting films, which is similar to
the insulating a-IGZO film in the low PO2 region in Fig. 38.10 (left); i.e., appro-
priate supply of O2 reduced electron traps and increased electron density and
conductivity. Similarly, supplying appropriate amount of O2 reduced electron traps
and realized electronic conduction also for a-GaOx [45] (Fig. 38.11 (left)). This
result reminds us of the importance of the charge compensation in particular for
wide band gap semiconductors. As illustrated in the free electron density Ne = n0
exp(−ED/kT) and the trap density Dt relation in Fig. 38.11 (right), electron doping is
realized when Ne > Nt. Conventional oxide semiconductors are easily doped to
n-type and usually have high Ne > 1019 cm−3; therefore, the effect of Dt is usually
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negligible. On the other hand, the donor level in a-GaOx is deep, ED * 0.7 eV
from the CBM, Ne is only 10

15 cm−3 at most at room temperature. This is the reason
why the very trace Dt * 1015 cm−3 is critical for a-GaOx, and the electron doping
was first attained by reducing Dt by increasing the deposition rate, optimizing PO2

in order to minimize electron traps due to VO and ex-O.
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Chapter 39
Electrode Formation Using
Electrodeposition and Direct Bonding
for 3D Integration

Tatsushi Kaneda, Hidetoshi Shinohara, Akiko Okada,
Kaori Matsunaga, Shuichi Shoji, Mikiko Saito, Hiroshi Nishikawa
and Jun Mizuno

Abstract This chapter describes a novel low-temperature Au–Au bonding method
using nanoporous Au–Ag powder and vacuum ultraviolet irradiation in the presence
of oxygen gas (VUV/O3) pretreatment. The nanoporous powder, which was fab-
ricated by dealloying Ag–Au alloy sheet, was used to form the bump structure on
the Au substrate by simple filling process, while an Au-coated Si substrate was used
as the chip. The VUV/O3-treated bumps and chip were bonded under a bonding
pressure of 20 MPa at 200 °C for 20 min in a vacuum atmosphere of 1 kPa.
A ligament size of the nanoporous structure on powder surface was found to be
grown dramatically during bonding process. The tensile strength reached 10.1 MPa
which is 2.3 times higher than that without VUV/O3 treatment. This suggests that
organic contaminants on each ligament surface were effectively removed by VUV/
O3 treatment, and consequently, the diffusion of gold atoms in the nanoporous
powder was significantly promoted to change into bulk structure. The proposed
method will be highly a promising method for 3D-LSI and MEMS packaging. And,
we investigated the composition, morphology, and dissolution behavior of an Au–
Ag nanoporous structure formed by electrodeposition and dealloying. Formation of
the films was carried out by changing the bath composition and the annealing
temperature. The samples that were annealed at 50 °C before dealloying indicated a
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finer nanoporous structure. This finer nanoporous structure is connected to the
highest bond strength of the evaluated samples.

Keywords Flip chip bonding � Nanoporous powder � Vacuum ultraviolet �
Low-temperature bonding � Electrodeposition � Dealloying

39.1 Introduction

Flip chip bonding technology has been widely accepted within microelectronics,
including 3D-large-scale integration (LSI) [1, 2], optical device [3, 4], and micro
electro mechanical system (MEMS) packaging [5, 6]. In the flip-chip bonding
technology, metal bumps, which are formed on a substrate, are used to electrically
connect between the chips. Hence, in comparison with a wire bonding technique,
several advantages can be obtained by using the flip bonding, including reduction
of interconnect delay and powder consumption because of the short wiring distance
between chips and miniaturization of packaging area [7–9].

Various metals have been utilized as bump materials such as solder [1, 6, 10], Cu
[2, 11, 12], Sn [13, 14], and Au [2, 3, 15, 16]. In particular, Au bumps have many
advantages such as high conductivity and oxidation resistance [15, 16]. However,
mechanical stress has been caused by different coefficients of thermal expansion
(CTE) between the chips because Au–Au bonding has required high-temperature
bonding process. To reduce the bonding temperature, several approaches have been
reported recently, including material development of the bump itself [17, 18], as
well as surface modification techniques such as plasma treatment [3, 19, 20].
Oppermann et al. proposed the nanoporous Au bump fabrication using electro-
plating and dealloying techniques and revealed that the fabricated bumps have
highly reactive surface in nanoscale structure [17]. In our previous works, we
proposed two kinds of low-temperature Au–Au bonding methods. One is a method
using nanoporous powder bump [21]. In that work, novel nanoporous powder
materials were prepared by dealloying Ag–Au alloy sheet and the bump structures
were simply fabricated by filling resist holes with the prepared powders. The other
is a method using vacuum ultraviolet irradiation in the presence of oxygen gas
(VUV/O3) [22–24]. Organic contaminations on the Au bumps were successfully
removed by VUV/O3 treatment, and low-temperature Au–Au bonding was
achieved. The advantage of VUV/O3 treatments is no ion bombardment damage
compared to conventional plasma treatments.

In this study, we propose a novel low-temperature bonding method using
nanoporous powder and VUV/O3 pretreatment [25]. The overview of this bonding
method is shown in Fig. 39.1 Nanoporous powder bump is fabricated by simple
filling process. VUV/O3 pretreatment was performed in order to increase bond
strength without surface morphological damage.

Recently, developments in miniaturization and the high functionality of elec-
tronics packaging have been remarkable. Therefore, nanolevel control is required
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for device formation. Electrochemical methods are used widely in electronics
packaging because of the atomic-level control and the formation of thick materials
with high aspect ratios. A sample of nanolevel electrode by electrodeposition is
shown [26]. As another example for electrode formation using electrodeposition,
TSV (Through-silicon via) technology has been investigated to raise packaging
density. TSV technology has been used to three-dimensional packaging devices
which draw electrodes out the backside through LSI chips, Si interposer, and the
extracting electrodes of MEMS. The biggest problem of TSV technology is high
producibility cost. Especially, at the process of plating, the quality of the films
without voids and the high-speed plating time are needed. The cross-sectional
image of Cu elec trodeposited TSV [27]. And, As an another technology using
electrodeposition, there is an application for joining materials of Bump formation.
Because of use these joining materials, metal nanoparticles are effective. Metal
nanoparticles have been known to possess various properties that cannot be
obtained in the bulk phase and expected to have applications in various fields, such
as electronics and biotechnology [28–30]. Metal nanoparticles have achieved a low
melting point and high chemical reactivity. Lower temperatures for some processes
are expected when using nanosized particles. Au is applied to micro/
nanoelectrochemical systems and biotechnology because it exhibits superior sta-
bility and conductivity over other metals. Dealloying is known to be the method to
construct a nanoporous structure by selective etching of the poor metal from
bimetals that consist of a noble metal and a poor metal [31, 32]. In the case of Au–
Ag alloy films, the nanoporous structure was formed by dissolution of Ag and the
formation of pores and the surface diffusion of Au [33]. An in situ scanning
tunneling microscope (STM) was used to observe morphology changes [34]. The
corrosion process leads to rough-ening of the surface by dissolution of Ag atoms

Fig. 39.1 Overview of bonding method in this study
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from terrace sites. The composition of Au–Ag corresponds to a critical potential,
and this potential affects the porous structure [35]. In the formation of alloy films,
sheets, arc melting, and electrochemical deposition have been reported [36, 37].
Electrochemical detection of hydrazine by using nanoporous gold has been
reported. In this study, a solution containing sulfuric acid, thiourea, HAuCl4 �
4H2O, and AgNO3 was used. HNO3 solution was used as a dealloying solution.
Using a fabricated nanoporous Au electrode, the oxidation reaction of hydrazine
was detected and the nanoporous Au electrode indicated greater stability [38]. On
the other hand, we investigated low-temperature Au–Au bonding by using nano-
porous Au–Ag sheets [38]. The strength of the Au–Au bond increased with the
increase of the treatment temperature of the structure because of the diffusion of
metals. The kinetic properties of the nanoporous structure for nanopore formation
have been reported [39, 40]. However, the relation between the nanoporous
structure and the formation process of metal has not been clarified. In this study, we
attempted the formation of a nanoporous structure of Au–Ag films using the
electrochemical method and dealloying process. We prepared the nanoporous
structure on Cu pellets to investigate the bond strength. From these evaluations, we
aimed to obtain the control and optimum morphology of the nanostructure [41].

39.2 Experimental Procedure

39.2.1 Fabrication of Nanoporous Powder

The fabrication process of the nanoporous powder is shown in Fig. 39.2. Here, we
used an Ag85Au15 (atomic ratio) sheet as a base material [21, 42]. According to the
powderization method reported in our previous work [43], the sheet was dealloyed
in a 61 wt% (mass ratio) HNO3 solution under ultrasonication for 15 min. The
dealloying is a corrosion process in which the less novel metal of alloy is selectively
removed by chemical or electrochemical means [44, 45]. Finally, the fabricated
powder was rinsed in water and dried in atmosphere.

Fig. 39. 2 Fabrication process of nanoporous powder
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39.2.2 Fabrication of Nanoporous Powder Bump

The fabrication process of the nanoporous powder bump is shown in Fig. 39.3 and
proceeds as follows: (1) 50-nm-thick Ti and 300-nm-thick Au layer were deposited
on a Si substrate using electron beam evaporation. (2) A 20-µm-thick dry film resist
(H-Y920, Hitachi Chemical) was laminated on the Au-coated Si substrate. (3) Hole
pattern was fabricated using photolithography. The diameter and pitch of hole
pattern were 200 µm and 500 µm, respectively. The hole count on the chip was
100. (4) Organic contaminations on the Au surface were removed by O2 plasma
treatment. (5) Fabricated hole pattern was filled with nanoporous powder using a
silicon scraper. (6) The sample was annealed to enhance adhesion of nanoporous
powder to Au surface at 100 °C for 1 min. (7) Resist was removed by immersion in
acetone, then bump pattern was obtained.

Fig. 39.3 Fabrication process of nanoporous powder bump
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39.2.3 VUV/O3 Pretreatment

The schematic image of the VUV/O3 treatment system (UER 20-172, Ushio, Inc.) is
shown in Fig. 39.4. The system consists of a lamp house and irradiation chamber.
The VUV light has a central wavelength of 172 nm. The VUV light, which
transmitted through the glass window of the lamp house, generated oxygen radical
from oxygen and ozone in the irradiation chamber. The generated oxygen radicals
cause breaking the chemical bonds and volatilization with organic contaminants of
sample surface [22–24].

Table 39.1 shows VUV/O3 pretreatment conditions. We selected the treatment
conditions presented in our previous works [22, 24].

39.2.4 Bonding Procedure and Evaluation

The schematic image of bonding process is shown in Fig. 39.5a As a test vehicle
for experiment, the Au-coated Si chip of 8 � 8 mm2 and the substrate with
nanoporous powder bump of 10 � 10 mm2 were used. Table 39.2 shows its
bonding conditions. For evaluation of bond strength and bump structure after
bonding, tensile test and observation of fractured surface were performed,
respectively.

Fig. 39.4 Schematic image
of VUV/O3 treatment system

Table 39.1 VUV/O3

treatment conditions
Lamp power 20 W

UV wavelength 172 nm

Light intensity 10 mW/cm2

Exposure time 5 min

Temperature Room temp.

Chamber pressure under oxygen gas 3.0 � 104 Pa
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39.2.5 Electrodeposition Procedure and Evaluation

Au or Pt seed layers were deposited on Si(111) wafers by sputtering. The thickness
was 100 nm. Au–Ag films were electroplated at −0.7 V versus Ag/AgCl for 0.5 h
by using an electrochemical analyzer (HZ-7000, Hokuto Denko). The Au–Ag bath
composition is listed in Table 39.3. Field-emission scanning electron microscopy
(FESEM S4800, Hitachi High-Technologies) was used to characterize the surface
morphologies. The film composition was analyzed using inductively coupled
plasma mass spectrometry (ICP-MS, Thermo Fisher Scientific). The schematic
image of a sample for evaluation of bond strength is shown in Fig. 39.5b. To
investigate bond strength, nanoporous Au–Ag films were deposited on a 10 mm u
disc with an electrodeposited Au film that had a thickness of 3 lm, and the 3-mm u
disc was set on it. The Cu-to-Cu disc joints with the deposited film were bonded at
350 °C for 30 min under 20 MPa in a nitrogen atmosphere.

Fig. 39.5 a Schematic image of bonding process. b Schematic image of a sample for the
evaluation of bond strength

Table 39.2 Bonding
conditions

Applied pressure 20 MPa

Holding time 20 min

Temperature 200 °C

Chamber pressure <1 kPa

Table 39.3 Bath
composition

Chemicals Concentration

HAuCl4 � 4H2O 1 mM

AgNO3 2 mM

Thiourea 0.2 M

H2SO4 0.01 M
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39.3 Results and Discussion

39.3.1 Fabrication of Nanoporous Powder

Figure 39.6 shows a photograph of fabricated nanoporous powder. Sheet structure
of Ag85Au15 alloy changed into powder structure (Fig. 39.6a). Furthermore,
nanoporous structure was observed on the powder surface as shown in the scanning
electron microscope (SEM) image (Fig. 39.6b). These results indicate that proposed
process is effective for nanoporous powder fabrication.

39.3.2 Fabrication of Nanoporous Bump and VUV/O3

Pretreatment

Figure 39.7 shows SEM images offabricated nanoporous powder bump. Nanoporous
powder bumps were successfully fabricated. Furthermore, nanoporous structure was
observed on surface of nanoporous powder bump. Figure 39.8 shows SEM images of

Fig. 39.6 a Photograph of nanoporous powder and b SEM image of nanoporous structure on
nanoporous powder surface

Fig. 39.7 SEM images of fabricated nanoporous powder bump: a whole and b magnified images
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nanoporous powder bump after VUV/O3 treatment. The nanoporous structure on the
bump was maintained after VUV/O3 treatment. This result indicates that
VUV/O3 treatment was possible to treat without destroying nanoporous structure.

39.3.3 Bonding Evaluation

Tensile strengths of untreated and VUV/O3-treated samples were 10.1 and 4.4 MPa,
respectively. Bulk destruction was observed on the fractured surfaces of both
samples. Figure 39.9 shows SEM images of fractured surfaces of chip and substrate.
Nanoporous structures were observed on each surface. On the other hand, the
ligament size of VUV/O3-treated sample (Fig. 39.9a, c) increased significantly
compared with that of untreated one (Fig. 39.9b, d). The increase in ligament size
indicates that the diffusion of gold atom was promoted during bonding process. The
promotion of diffusion seems to be occurred by the VUV/O3 treatment because
organic contaminations on each ligament surface, which prevent diffusion from
gold atoms, were decreased by the treatment [22]. Thus, bond strength of the VUV/
O3-treated sample increased compared with that of untreated one.

39.3.4 Preparation of the Nanoporous Au

Figure 39.10 shows the cyclic voltammetry of the solution for HAuCl4 � 4H2O and
when thiourea is added the solution, respectively. Adding thiourea to the solution of
HAuCl4 � 4H2O shifts the reduction potential in the direction of negative potential.
This shift suggests that thiourea works as a complex reagent. Figure 39.11 shows
the CV of the solution for AgNO3 and the mix solution that is constituted by
HAuCl4 � 4H2O, AgNO3, and thiourea. Compared with that of the solution of
AgNO3, the reduction potential of the mix solution shifted more negatively (from

Fig. 39.8 SEM images of nanoporous powder bump after VUV/O3 treatment: a whole and
b magnified images
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Fig. 39.9 SEM images of fractured surface of a, b chip and c, d substrate sides; a, c VUV/O3

treated and b, d untreated samples

Fig. 39.10 Cyclic
voltammograms for HAuCl4 �
4H2O and HAuCl4 � 4H2O
+ thiourea
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+0.25 V to −0.32 V vs. Ag/AgCl). These results suggested that alloy films of Au–
Ag would be formed. In the cyclic voltammetry measurements, a fixed potential of
−0.7 V versus Ag/AgCl was applied to the electrode. The deposition time was
selected at 0.5 h, resulting in a 0.15-lm-thick film. The Ag in the Ag–Au alloys
could be selectively dealloyed by immersion in concentrated HNO3 (60 wt%):
H2O = 2:1. To investigate the relation between temperature and the morphologies
of nanoporous Ag–Au films, samples were treated at various temperatures. The
composition results of the alloy films are shown in Fig. 39.12. The composition of
as-deposited Ag–Au alloys was Ag68-Au32. After dealloying, the composition of
Ag decreased from 68 to 65%. After annealing (50–100 °C), the composition of Ag
became approximately 61 at.%. From the composition results, it was considered
that the surface of the films are constituted by Au rich layer.

Figure 39.13 shows the anodic polarization curves for the Ag–Au films in 0.1 M
HNO3. The results reveal that the current density depends on the annealing tem-
perature for the samples. The higher the temperature, the lower the current density.
By doing annealing, the films morphology and the crystal status might be changed.
Figure 39.14 shows the FE-SEM images of the samples on Si substrate with Au
after dealloying. Figure 39.15 shows the FE-SEM images of the samples which are
electrodeposited on Cu pellets. By annealing, ligament size became larger and each
pore was isolated. In the case of samples on Cu pellets, the ligament size of a 50 °C

Fig. 39.11 Cyclic
voltammetry for AgNO3 and
HAuCl4 � 4H2O+ AgNO3

+ thiourea

Fig. 39.12 Relation between
annealing temperature and
composition of Ag
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sample was the same as that of a deposited sample. The size was under 10 nm. In
the case of a 150 °C sample, the ligament size was larger. The size was 30–50 nm,
and the pore size increased. It was assumed that this change of the morphology of
the films resulted in the previous corrosion property.

Fig. 39.13 Anodic
polarization curves for the
Ag–Au films in 0.1 M HNO3

Fig. 39.14 FE-SEM images of the samples on Si substrate with Au after dealloying. a R. T. b 50
°C. c 150 °C

Fig. 39.15 FE-SEM images of the samples on Cu pellets after dealloying. a R. T. b 50 °C. c 150 °
C
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39.3.5 Evaluation of Bond Strength

Figure 39.16 shows the results of the measurements for bond strength. From the
results, the sample annealed at 50 °C indicated the highest bond strength of the
examined samples.

The sample that was annealed at 50 °C before dealloying indicated a finer
nanoporous structure, as observed from the FE-SEM images. This finer nanoporous
structure connected to the highest bond strength of the examined samples. The
results of anodic polarization measurements showed that the sample annealed at 50
°C exhibited high anodic current, except the as-deposited film. The composition of
the as-deposited alloys did not drastically change before or after dealloying
(Fig. 39.12), meaning selective etching occurred despite a high anodic current on
the deposited film. The bond strength of the nanoporous structure depends on the
pore size and ligament size.

39.4 Conclusions

In this study, we proposed a novel low-temperature Au–Au bonding method using
nanoporous powder and VUV/O3 pretreatment. A ligament size of the nanoporous
structure on powder surface was found to be grown dramatically during bonding
process. Tensile strength increased by using VUV/O3 pretreatment, and highest
tensile strength of 10.1 MPawas achieved even at the bonding temperature of 200 °C.
The results indicate that removal of organic contaminations on each ligament surface
byVUV/O3 treatment promoted diffusion of gold atoms to change nanoporous bumps
into bulk structure. Consequently, the proposed method is expected to be applied to
3D-LSI and MEMS packaging.

The morphology control of a nanoporous Au–Ag structure was investigated
using electrochemical deposition and the electrochemical method. From the
observation of the films, ligament size of electrodeposited Au-Ag films after
dealloying became larger by annealing. The ligament size of 10–20 nm at
as-deposited became 50–100 nm at 150 °C annealing. The samples that were

Fig. 39.16 Effect of process
temperature on shear strength
of a Cu-to-Cu joint under
nitrogen atmosphere
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annealed at 50 °C before dealloying indicated a finer nanoporous structure. This
finer nanoporous structure is connected to the highest bond strength of the evalu-
ated samples. The volume of selective dissolution was small on as-deposited
samples despite the anodic current being the largest of the examined films. ICP-MS
analysis showed that the change of the composition of Ag of the films after deal-
loying on as-deposited samples indicated the smallest of the examined films. Small
ligament size with a finer nanoporous structure leads to high bond strength.
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Chapter 40
Carbon Nanotube Forests on SiC:
Structural and Electrical Properties

Masafumi Inaba, Wataru Norimatsu, Michiko Kusunoki
and Hiroshi Kawarada

Abstract Because carbon nanotube forest formed by surface decomposition of
silicon carbide (CNT forest on SiC) is densely packed and vertically aligned with
no entangle parts, it is useful to investigate the electrical properties of dense CNT
forest. CNTs atomically bond to SiC substrates, causing good electrical contact for
SiC power devices, where the Schottky barrier height is considerably low
as *0.4 eV. CNTs contact with each other in dense CNT forest and contact
conductance of CNT/CNT interface can be evaluated as *108 S cm−2. This value
corresponds to the tunneling conductance between electron clouds of adjacent
graphene sheets.

Keywords Carbon nanotube � Silicon carbide � Contact

40.1 Introduction

Carbon nanotubes (CNTs) have high one-dimensional current conductivity [1] and
high thermal conductivity [2]. A dense forest of vertically aligned CNTs is
advantageous for applying these properties because of its high CNT orientation.
Although CNTs have the potential to withstand a very high current of up to *109

A cm−2, CNTs are generally used in applications with low conductance, such as
CNT electrodes for biosensing [3], supercapacitors [4], and thin-film transistors [5].
Conversely, dense CNT forests are candidates for application in highly conductive
devices such as power diodes and transistors. Densely packed CNT forests can be
used to evaluate the electrical CNT contact. In this chapter, we evaluate the
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Schottky barrier height of the CNT/SiC interface and the contact conductivity of the
CNT/CNT interface using a CNT forest formed by SiC surface decomposition. In
Sect. 40.2, we introduce the CNT forest on SiC from the viewpoint of formation. In
Sect. 40.3, the Schottky barrier height of the CNT/SiC interface is evaluated. In
Sect. 40.4, the contact conductivity of the CNT/CNT interface is experimentally
evaluated. We summarize this chapter in Sect. 40.5.

40.2 Formation of a CNT Forest on SiC

A CNT forest forms on SiC by surface decomposition [6]. At high temperatures
above 1250 °C in vacuum, Si atoms at the surface of SiC are selectively attacked by
chamber residual oxygen and sublimate as SiO. This has been confirmed by in situ
transmission electron microscopy (TEM) observation [7]. The remaining carbon at
the SiC surface first forms a lateral sp2 structure, such as graphene flakes, and then a
nanosized double-layer graphene dome structure [8–12]. The dome structures act as
CNT caps, and CNTs with vertical walls grow as SiO sublimation proceeds. The
lengths of the CNTs can be controlled by the treatment time because the decom-
position ratio is relatively low. The CNTs have diameters of 5–20 nm from planar
view TEM images [13]. Figure 40.1a and b show cross-sectional and planar TEM
images of a CNT forest on SiC, respectively [14]. Double-wall CNTs were
observed. Note that when the CNT length exceeded 500 nm as a result of long-term

5 nm

(a)

(b)

50 nm
SiC

CNT

Fig. 40.1 a Cross-sectional
view of CNTs on SiC with a
CNT length of 100 nm
obtained by high-resolution
TEM. b Planar view of a CNT
forest obtained by
high-resolution TEM.
Anfractuous graphene sheets
exist between the tubes.
Reproduced with permission
from Ref. [14]. Copyright
2015, AIP Publishing LLC
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decomposition, the quality of the subsequently formed underlayer became low and
a graphite-like carbon layer formed.

The formed CNTs have zigzag chirality, which is confirmed by cross-sectional
TEM diffraction patterns [15]. Zigzag-type CNTs have the chiral vector (n, 0), and
they have both semiconducting and metallic properties. CNTs synthesized by
catalyst chemical vapor deposition (C-CVD) tend to have near-armchair chirality,
for example, (6, 5) and (7, 6) zigzag chirality. In addition, while CNTs synthesized
by ordinal catalyst CVD are in weak contact with the catalyst or substrate, CNTs
formed on SiC are atomically connected to the SiC substrate, which is advanta-
geous for electrical applications. The contact area with the CNT is very small, and
low contact resistivity is crucial.

40.3 Schottky Barrier Height of the CNT/SiC Interface

Wide bandgap semiconductors such as SiC, GaN, Ga2O3, and diamond have great
potential for next-generation power devices. In particular, it is expected that SiC can
be used for motor controlling inverters, where high current control with a high
breakdown voltage is essential. However, it is difficult to form an electrical contact
at SiC/metal interfaces because of the high Schottky barrier and formation of an
amorphous carbon layer during high-temperature annealing. To overcome this
difficulty, a heavily doped layer and a metal reactive layer are formed. Nickel
silicide, which is widely used as a contact material for SiC, has a low Schottky
barrier height of *0.4 eV (contact resistivity: 7 � 10−7 X cm2) against n-type
4H-SiC [16], but its thermal conductivity is low, which causes poor heat dissipation
from devices. CNT forest formation on SiC can be used in the SiC power device
fabrication process. It is useful as an ohmic contact material for SiC. In this study,
we measured the contact resistance and Schottky barrier height between the CNT
forest and n-type 4H-SiC for application as a SiC ohmic contact [14, 17].

40.3.1 Experimental Model

The Schottky barrier height can be calculated from the relationship between the
dopant density ND and the contact resistivity qC. The contact resistivity qC is
defined as

qC ¼ dV
dJ

����
V¼0

; ð40:1Þ

where V is voltage, and J is current density. Thus, it can be measured from the
current–voltage characteristics. Note that the contact resistivity should be extracted
from the slope near 0 V.
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Figure 40.2 shows the experimental setup and its equivalent circuit. The current
flows into the CNT forest and then into the SiC. The total resistance RT is expressed
as

RT ¼ RC;M=CNT þRCNT þRC;CNT=SiC þRSiC þRseries: ð40:2Þ

Here, RC,M/CNT and RC,CNT/SiC are the contact resistance of the metal electrode/
CNT and CNT/SiC, and RCNT and RSiC are the CNT bulk and SiC bulk resistance,
respectively. qC,CNT/SiC is the contact resistivity between the CNTs and the SiC
substrate. The terms RC,M/CNT, RCNT, and RC,CNT/SiC are inversely proportional to
the contact area Sisland. Therefore, Eq. (40.2) can be rewritten as

RT ¼ qC;M=CNT=SiC

.
Sisland þRSiC þRseries; ð40:3Þ

where

qC;M=CNT=SiC ¼ qC;M=CNT þ qCNTlCNT þ qC;CNT=SiC; ð40:4Þ

and qC;M=CNT is the metal electrode/CNT contact resistivity, qCNT is the bulk CNT
resistivity, lCNT is the CNT length or CNT film thickness, and qC;CNT=SiC is the
contact resistivity of the CNT/SiC interface. In the case where the terms qC;M=CNT

and qCNTlCNT are less than qC;CNT=SiC, the contact resistivity of the CNT/SiC
interface is extracted as the slope of the relationship between RT and Sisland.

The Schottky barrier height can be calculated from the contact resistivity. For a
high dopant density, the contact resistivity is dependent on the barrier height and
dopant density because the field emission contributes to carrier transfer. The contact
resistivity of the CNT/SiC interface for high dopant density can be calculated by
[18, 19]

qC ¼ k
ffiffiffiffiffiffiffi
E00

p
coshðE00=kTÞ cothðE00=kTÞ

qA�T
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
p UB � UC � UFð Þð Þp exp

UB � UC � UFð Þ
E00 cothðE00=kTÞ þ

q UC � UF
� �

kT

� �
;

ð40:5Þ

SiC

Au

A

CNTs
CNTR

CNT/SiCC,R

SiCR

seriesR

M/CNTC,R
Au/Ti

Fig. 40.2 Schematic diagram
of the setup for electrical
property measurement. The
current paths are indicated by
yellow arrows. Reproduced
with permission from Ref.
[14]. Copyright 2015, AIP
Publishing LLC
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where UB is the Schottky barrier height, UC is the conduction band level, UF is the
Fermi level of doped SiC, A* is the Richardson constant, q is the elementary charge,
k is the Boltzmann constant, T is the temperature, and E00 is the probability factor.
E00 is given by

E00 ¼ q�h
2

ffiffiffiffiffiffiffiffiffiffiffiffiffi
ND

m�eSiC

r
; ð40:6Þ

where ħ is Planck’s constant, m* is the effective mass of an electron in SiC, and eSiC
is the dielectric constant of SiC. Note that thermionic field emission (TFE) is
predominant at a high doping density of approximately 1018 cm−3 and Eq. (40.5)
holds in the case of TFE, where E00 � kT. Because the contact resistivity is a
function of the Schottky barrier height and dopant density, the Schottky barrier
height can be fitted from the relationship between the contact resistivity and the
dopant density.

40.3.2 Device Fabrication

CNT forests were formed on (000 − 1) on-axis n-type 4H-SiC substrates by surface
decomposition. The substrates were nitrogen doped at densities of (3 � 1016)—
(8 � 1018) cm−3 to become n-type with low resistivities of (5 � 10−1) –

(2 � 10−2) X cm. They were annealed in vacuum at 1600 °C for 1 h (CNT length:
160 nm). As the top electrode, Au and Ti were deposited on the CNTs by mag-
netron sputtering. The formed CNT forests were nearly ideally packed with a
surface density of *3 � 1012 cm−2. Electrically isolated contacts surrounded by
trenches were formed using a focused ion beam (FIB), as shown in Fig. 40.3. The
trenches surrounding the islands had a width of 500 nm and a depth of 350 nm.

20 m

Fig. 40.3 Scanning electron microscopy image of islands formed by FIB from the 45°. The
islands with sizes of 20 lm � 20 lm, 15 lm � 15 lm, and 10 lm � 10 lm are surrounded by
500-nm-wide trenches. Reproduced with permission from Ref. [14]. Copyright 2015, AIP
Publishing LLC
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40.3.3 Schottky Barrier Height

The current–voltage characteristics near zero voltage always showed a linear
relationship, indicating that the contact was ohmic. The measured resistance RT was
calculated from the reciprocal of the slope of the current–voltage characteristics.
We also examined the wide-range current–voltage characteristics from −3 to 3 V
for an island size of 50 lm � 50 lm (Fig. 40.4). The inset of Fig. 40.4 shows the
semilog plots. Two convex regions exist in each curve, as indicated by black
arrows, which indicates that low and high barrier heights exist in the CNT/SiC
contact. Similar results have been reported for a Ti/4H–SiC system [20]. These
properties correspond to the existence of two Schottky barriers in contact, which
will be discussed in Sect. 40.3.4.

Figure 40.5a shows the total resistance RT plotted as a function of 1=Sisland for
20 lm � 20 lm, 15 lm � 15 lm, and 10 lm � 10 lm islands and CNT lengths
of 160 nm at each dopant density. Figure 40.5a1, a2 show plots and interpolated
lines for dopant densities of 3 � 1016 and 5 � 1017 cm−3, and 3 � 1018 and
8 � 1018 cm−3, respectively. RT linearly increases with increasing 1=Sisland, indi-
cating that RT depends on the CNT forest size. The R intercept obtained in the range
1.5–2.5 kX corresponds to the sum of the terms independent of Sisland (i.e., RSiC and
Rserises).

The slope corresponds to qC;M=CNT=SiC in Eq. (40.4). It mainly originates from
the contact resistivity at the CNT/SiC interface (qC;CNT=SiC). The second term on the
right-hand side of Eq. 40.4 should be proportional to the CNT length or the CNT
film thickness (lCNT). qCNT is typically *10−4 to 10−2 X cm [21, 22] and lCNT is of
the order of 10–100 nm. Therefore, the term qCNTlCNT is estimated to be of the
order of 10−10–10−7 X cm2, which is 3–6 orders of magnitude lower than
qC;M=CNT=SiC, and thus negligible. Because the metal electrode/CNT interface is a
metal/metal contact, the metal/CNT contact resistivity qC;M=CNT should be suffi-
ciently small compared with the contact resistivity of the CNT/SiC interface
qC;CNT=SiC. Therefore, the CNT/SiC contact resistivity is *1.3 � 10−4 X cm2 at a
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dopant density of 3 � 1018 cm−3. It mainly originates from the Schottky barrier at
the CNT/SiC interface [14].

Figure 40.5b shows the relationship between qC;CNT=SiC and ND. The lines
correspond to the calculated result, where the Schottky barrier heights are assumed
to be from 0.3 to 0.7 eV at intervals of 0.05 eV. When the dopant density is lower
than 1018 cm−3, the contact resistivity at each ND falls on the line for Schottky
barrier heights of 0.4–0.45 eV. When the doping concentration in the SiC substrate
at the CNT/SiC interface increases to 1019 or 1020 cm−3, field emission will
dominate and the contact resistivity will rapidly decrease to *10−6 and *10−9 X
cm2 for dopant densities of 1019 and 1020 cm−3, respectively. One of the lowest
reported SiC/metal contact resistivities is of the order of 10−7 X cm2, which was
obtained with a Ni reactive layer [16]. The contact resistivity of CNTs with SiC has
the potential to reach the same level or even lower, providing an ideal power device
characteristic with high current density and thermal dissipation.

40.3.4 Model of the Low Schottky Barrier Height

The Schottky barrier height obtained in this study is compared with those in the
literature. If the SiC/metal Schottky barrier height depended on the metal work
function, the barrier height at the CNT/SiC interface would be estimated to be as
high as 1.5 eV, where the CNT or graphene work function is 4.6–4.7 eV [23, 24].
This value is close to the Schottky barrier height between CNTs and 6H-SiC of
1.38 eV obtained by Maruyama et al. [25] using photoelectric spectroscopy.
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sion from Ref. [14]. Copyright 2015, AIP Publishing LLC
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However, Seyller et al. [26] obtained a barrier height of 0.3 eV at the graphene/
6H-SiC interface using the same method as Maruyama et al. [25]. The Schottky
barrier height estimated in the present work is approximately 1 eV less than that
expected from the work function difference. This difference originates from the
existence of two parallel Schottky barriers in the CNT/SiC system. In the inset of
Fig. 40.4, there are two convex regions (indicated by black arrows), which indicate
that low and high barrier heights exist in the CNT/SiC contact. In the CNT/SiC
system, certain parts of the contact area have a low barrier height and other parts
have a high barrier height. The barrier heights calculated by the Cheung method
[27] at a dopant density of 3 � 1016 cm−3 are 0.52 and 1.07 eV. Although these
values are slightly different from those in this study and the values report by
Maruyama et al., the dual Schottky barrier well explains this difference. In electrical
devices, the high barrier height indicated by photoelectron spectroscopy is usually
higher than the effective electric barrier height. The effective contact resistivity is
determined by the low barrier height estimated from the electrical properties.

A possible origin of this dual Schottky barrier is hydrogen termination of both
the CNTs and the SiC C-face dangling bonds at the CNT/SiC interface. The carbon
atoms of the CNTs and the SiC C-face edges are not connected. Only some of the
vertical dangling bonds of the uppermost C–Si stack layer of the SiC C-face are
connected to the carbon atoms of the CNTs, and others are terminated by hydrogen
atoms. Similarly, part of the CNT edges is terminated by hydrogen atoms, which is
confirmed by the secondary ion mass spectroscopy profiles [14]. Because the
electronegativity of hydrogen (2.20) [28] is less than that of carbon (2.55), the
hydrogen atoms in C–H bonds are positively charged by polarization. According to
an ab initio study, the electron affinity of hydrogen-terminated CNT edges
decreases by approximately 1 eV [29], leading to a 1 eV decrease of the CNT/SiC
Schottky barrier height for electrons. However, the electron affinity of SiC edges
also decreases if C–H bonds predominate, leading to an increase of the Schottky
barrier height for electrons. Because the C-face SiC surface is not as smooth as
before decomposition of SiC at 1600 °C, not only C–H termination but also Si–H
termination exists. The electronegativity of silicon (1.90) is less than that of
hydrogen (2.20). Therefore, Si–H bonds have the opposite polarity to C–H bonds
[30], leading to an increase of the electron affinity and a decrease of Schottky
barrier height for electrons. Figure 40.6 shows a schematic of the band diagram at
the CNT/SiC interface. If the two opposite polarity effects on the SiC side cancel,

H-Si(SiC)

H-C(SiC)

H-C
(CNT)

Small barrier

Fig. 40.6 Schematic diagram
of the Schottky barrier at the
CNT/SiC interface
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the remaining effect of the dipole on the CNT side decreases the Schottky barrier
height by 1 eV, as discussed above. The actual origin of the dual Schottky barriers
should be investigated in the future. Contact materials for SiC with a low barrier
height and high heat conductivity can be realized by applying appropriate contact
conditions to obtain a suitable CNT/SiC interface.

40.4 CNT/CNT Contact Conductivity

For CNT forests formed by the catalyst-CVD method [31], although their dis-
tinctive properties are expected to be useful for very large-scale integrated vias [32,
33], supercapacitors [34–38], and so forth, many challenges must be overcome. For
example, existence of voids and bundles, wavy parts, and entangled parts on their
tops, existence of the metal catalyst as an impurity, and differentiation of CNT
chiralities. A CNT forest formed on SiC is nearly ideally dense and highly uniform
with no entangled parts on the top [6, 14]. This method is a non-catalytic method
[39, 40] and only requires high-temperature annealing of the SiC substrate in
vacuum. The CNT forest on SiC has only CNTs with zigzag chirality, which was
confirmed by cross-section TEM diffraction by Kusunoki and Kato [41]. Norimatsu
et al. reported the temperature dependence of the in-plane conduction of a CNT
forest on SiC with caps [42]. In this study, we first investigated the in-plane con-
duction of an uncapped CNT forest on SiC as one of the electrical properties of a
nearly ideally dense CNT forest. Second, we investigated the contact conductivity
of the CNT/CNT interface from the in-plane conductivity of an uncapped CNT
forest on SiC [43]. The in-plane conductivity of a dense CNT forest can be con-
sidered to be the aggregation of CNT/CNT contact conductances. Although some
fluctuation exists in a dense forest, the obtained CNT forest conductivity should be
useful for investigating the electrical properties of CNT/CNT contacts.

40.4.1 Sheet Conductivity

Low conductivity (under 10−8 S cm−1) and C-face-polished 4H–SiC substrates
were annealed at 1600 °C in vacuum. We assumed the conduction model shown in
Fig. 40.7. There were assumed to be four conductive parts: the surface of the CNT
forest (i.e., the CNT caps), the CNT bulk or the cylindrical part, the CNT/SiC
interface, and the SiC bulk area. To identify the parts exhibiting conductivity, the
CNT length (i.e., the CNT forest thickness) was varied in the range 30–350 nm by
changing the decomposition time, and the sheet conductivity was measured by the
van der Pauw method [44].

The variation of the sheet conductivity with the CNT length measured by the van
der Pauw method is shown in Fig. 40.8. The red squares and red line correspond to
the measured sheet conductivity, and the blue squares and blue line correspond to
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the sheet conductivity after removing the CNT caps, which will be discussed later.
The sheet conductivity increases with increasing CNT forest height. The sheet
conductivity extrapolated to a CNT length of zero has a positive value. If this sheet
conductivity was only from the CNT bulk region, the relation would be propor-
tional and the intercept would be zero. This indicates the existence of conduction of
other parts, that is, the CNT forest surface, CNT/SiC interface, and SiC bulk region.
We assumed the existence of four conducting parts. The total conductance Gtotal can
be expressed as

Gtotal ¼ Gsur þGCNT þGi=f þGSiC: ð40:7Þ

where Gsur is the in-plane conductance of the CNT surface region (i.e., the CNT
caps), GCNT is the in-plane conductance of the CNT bulk region, Gi/f is the in-plane
conductance of the CNT/SiC interface, and GSiC is the in-plane conductance of the
SiC bulk region. The CNT forest surface has a small plane composed of CNT caps
and may exhibit conduction. The CNT/SiC interface was formed under very
high-temperature vacuum conditions, so the interface may exhibit conduction.

SiC Substrate
(<10-8 S cm-1)

Gsur : CNT surface conductivity
GCNT : CNT bulk conductivity
Gi/f : CNT/SiC interface conductivity
GSiC : SiC bulk conductivity

Gsur

GCNT

Gi/f

GSiC

Fig. 40.7 Schematic diagram and equivalent circuit of a CNT forest on SiC. Reprinted with
permission from Ref. [43]. Copyright 2016 American Chemical Society
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To specify the possible conduction part(s) that corresponds to the intercept in
Fig. 40.8, we removed the CNT surface region to remove conduction of the CNT
cap region. The samples were treated in 15 wt% hydrogen peroxide solution at 100
°C for 3 h [45], and as a result, the CNTs were shortened by about 5 nm. From the
Raman spectrum of the shortened CNTs, there was no significant damage because
the intensity ratio of the G-peak to the D-peak did not change in the Raman
spectrum. The measured sheet conductivity of the open-ended CNTs as a function
of the CNT film thickness corresponds to the blue squares and line in Fig. 40.8. The
sheet conductivity after etching is nearly proportional to the CNT length, and the
intercept corresponds to the conductivity of the CNT cap region.

One possible origin of the conduction of the cap region is the existence of a
graphene structure on top of the CNT forest on SiC. The sheet resistivity of a
single-layered graphene sheet has been reported to be around 1 kX sq−1 [46–48].
Although the sheet conductivity of graphene depends on the existence of grain
boundaries, wrinkles, and the conditions, the order of the sheet conductivity of the
CNT cap region corresponds to that of graphene. This graphene structure is
expected to have formed during the decrease in temperature after high-temperature
annealing in the CNT formation process. During the temperature decrease, a small
amount of gas may have leaked into the chamber, changing the top layer of the
CNTs to the graphene structure. However, the graphene structure on the top layer of
the CNTs was not observed, and further investigation is required.

40.4.2 CNT/CNT Contact Conductivity

The in-plane conductivity of the bulk CNT forest on SiC (r0) is estimated to be 50
S cm−1 from the slope of Fig. 40.8, which is two to three orders of magnitude lower
than the conductivity of a CNT yarn [49]. This means that the CNT/CNT contact
conduction is the dominant factor determining the CNT forest in-plane conduction,
and the CNT on-axis conduction is much higher than the contact conductivity.

The in-plane conduction of the CNT bulk can be described as a series of contact
conductances. To estimate the contact conductivity of the parallel adjacent CNTs,
we assumed three approximations. First, the CNTs have the same diameter and are
densely packed in a hexagonal pattern. Second, the CNT/CNT contact conductivity
is the same for CNTs with the same diameter. Third, the CNT conductance is much
higher than the CNT/CNT contact conductance. Based on these approximations, the
CNT forest can be described as the netlike circuit in Fig. 40.9a, where each wire
corresponds to a CNT/CNT contact path and each node corresponds to a CNT. Note
that double-walled CNTs are dominant in the CNT forest, and the inner CNTs can
be ignored because of the third assumption. The inner CNTs only contribute to the
conductance of the CNTs. In the case of a CNT forest on SiC, the CNTs should be
considered to be metallic owing to their large diameters [50]. Even though the
chirality is semiconducting, the bandgap should be smaller for larger diameter
CNTs [51]. The contact conductivity of a semiconducting/semiconducting or
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semiconducting/metallic contact should be lower than that of a metallic/metallic
contact. The CNT/CNT contact conductivity normalized by the CNT film thickness
t (CNT contact length) and contact width wC is given by the following equations.
The total conductance GT [S] in terms of the contact conductance between each pair
of CNTs gC;CNT=CNT [S] is given by

GT ¼
ffiffiffi
3

p W
L
gC;CNT=CNT ¼

ffiffiffi
3

p W
L
rC;CNT=CNTwCt; ð40:8Þ

where W is the forest width, L is the distance between the electrodes, and
rC;CNT=CNT [S cm−2] is the CNT/CNT contact conductivity per unit area. The total
conductance GT in terms of the sheet conductance rS is given by

GT ¼ W
L
rS ¼ W

L
r0t: ð40:9Þ

Finally, rC;CNT=CNT is given by

rC;CNT=CNT ¼ r0ffiffiffi
3

p
wC

: ð40:10Þ

The CNT vacancies in a forest do not strongly affect the estimation of the contact
resistivity or conductivity. To obtain rC;CNT=CNT, it is important to estimate the
CNT/CNT contact width wC. CNTs with large diameters should have a large
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Fig. 40.9 a Approximated resistance network of parallel adjacent CNTs with a CNT width and
interval of W and L, respectively. Each red wire indicates a CNT/CNT contact conductance
gC;CNT=CNT and each node corresponds to a CNT. The total conductance GT is expressed by
Eq. (40.9). b Schematic diagram of the microscopic faceted CNT contact. Reprinted with per-
mission from Ref. [43]. Copyright 2016 American Chemical Society
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contact width. Although thin CNTs maintain their circular shape in the
cross-section view, thick CNTs are faceted and adhere to each other as a result of
changes in their cross-sectional shape [52–57]. This is because the energy of
adhesion to the inside of the CNT exceeds the energy necessary to bend the CNT
sheet (graphene). In particular, Tersoff and Ruoff [53] and Lopez et al. [54] reported
that CNTs with a large diameter in a bundle are flattened in the areas where they are
in contact with each other and are “polygonized” under van der Waals attractions
from both theoretical and experimental aspects. In a CNT bundle or forest, CNTs
that are parallel and adjacent to each other should have a deformed cross-section, in
which the CNTs are in contact with each other over a larger area than in the case of
a perfectly circular cross-section. For single-walled CNTs, the minimum curvature
radius is *0.2 nm [55]. For double-walled and multi-walled CNTs, the minimum
curvature radius should be larger than that of a single-walled CNT. Figure 40.9b
shows a schematic diagram of a microscopic faceted CNT contact. For
large-diameter CNTs, the maximum contact width is estimated to be
p D=2� 0:1ð Þ=3 nm, where D is the CNT diameter when the cross-section is cir-
cular. Assuming a CNT diameter D of 5–20 nm, the contact conductivity is in the
range (0.3–1.2) � 108 S cm−2, which corresponds to a contact resistivity of
(0.8–3.6) � 10−8 X cm2.

40.4.3 CNT/CNT Tunneling Conductivity

To verify the CNT/CNT contact conductivity, we calculated the tunneling con-
ductance of a graphene/graphene interlayer system. The tunneling current density
JT [A cm−2] is given by [58]

JT ¼ q2V
h2dT

� � ffiffiffiffiffiffiffiffiffiffiffi
2meu

p
exp � 4pdT

h

� � ffiffiffiffiffiffiffiffiffiffiffi
2meu

p� �
; ð40:11Þ

where q is the elementary charge, V is the applied voltage, h is Planck’s constant, dT
is the tunneling distance, me is the electron (effective) mass, and / is the barrier
height. This equation is for the case of V � 0. Note that the tunneling current is not
affected by the density of states of the CNTs, because the CNTs in this study can be
considered to be metallic. The tunneling contact conductance per unit area rTC
[S cm−2] is given by

rTC ¼ JT
V

¼ q2

h2dT

ffiffiffiffiffiffiffiffiffiffiffi
2meu

p
exp � 4pdT

h

� � ffiffiffiffiffiffiffiffiffiffiffi
2meu

p� �
: ð40:12Þ

Graphene sheets are weakly connected by van der Waals forces, and the region
between the sheets is assumed to be a vacuum [59]. We assumed that me ¼ m0

(electron mass) and / = 5.0 eV [59]. In the CNT/CNT contact, dT corresponds to
the tunneling distance between the p electron clouds on the contact area of the
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graphene sheets. From the relationship between the tunneling distance and the
contact conductance, dT = 0.24– 0.31 nm is suitable, which is indeed lower than the
graphite interlayer distance (*0.34 nm). We also compared the results of our study
with the theoretical results of Yoon et al. [60], who showed the calculated rela-
tionship between the intertube conductance and the contact distance. When the
contact distance decreases by 0.7 Å, the intertube conductance increases by one
order of magnitude. The conductivity of the CNT/CNT parallel contact of (0.3–
1.2) � 108 S cm−2 is consistent with the tunneling contact conductivity. This result
may also be useful for graphene/graphene interlayer contacts. Note that the in-plane
conductivity of a graphene sheet composed of a few layers changes by one order of
magnitude by changing the stack conditions [61]. For a CNT forest on SiC, the
graphene sheets making up the CNT walls should be randomly stacked and may
have low conductivity. Further study is required to investigate the electrical
properties of the graphite interlayer.

40.5 Conclusion

The electrical contact of CNT/SiC and CNT/CNT interfaces was investigated using
a CNT forest on SiC. The CNT forest was formed by SiC surface decomposition at
high temperature in vacuum. Because the CNT forest on SiC is densely packed and
well oriented, it is useful to evaluate the electrical contact. The CNT/SiC contact
resistivity and Schottky barrier were measured from the relationships between the
total resistance and the contact area, and the SiC dopant density and the measured
contact resistivity, respectively. The Schottky barrier height of the CNT/SiC
interface was *0.4 eV. This is comparable with that of nickel silicide, which is
widely used as a SiC contact material. The CNT/CNT conductance was evaluated
from the sheet resistivity of the CNT forest on SiC. Lateral conduction of the CNT
forest is composed of CNT/CNT contacts. The evaluated CNT/CNT contact con-
ductance was *108 S cm−2, which corresponds to the tunneling contact conduc-
tance. This study shows that a dense CNT forest on SiC can be used to investigate
the unique properties of the CNT forest.
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