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Aims and Scope of the Series

The fundamental questions arising in mechanics are: Why?, How?, and How much? 
The aim of this series is to provide lucid accounts written by authoritative research-
ers giving vision and insight in answering these questions on the subject of mechan-
ics as it relates to solids.

The scope of the series covers the entire spectrum of solid mechanics. Thus it 
includes the foundation of mechanics; variational formulations; computational 
mechanics; statics, kinematics and dynamics of rigid and elastic bodies: vibrations 
of solids and structures; dynamical systems and chaos; the theories of elasticity, 
plasticity and viscoelasticity; composite materials; rods, beams, shells and mem-
branes; structural control and stability; soils, rocks and geomechanics; fracture; tri-
bology; experimental mechanics; biomechanics and machine design.

The median level of presentation is the first year graduate student. Some texts are 
monographs defining the current state of the field; others are accessible to final year 
undergraduates; but essentially the emphasis is on readability and clarity.
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I was always curious to know the reason behind the failure of a material. What 
triggers failure in a material at a molecular level was hard to find until the 
 invention of nanoindentation technique. Researchers could gain control over 
 structure and properties of materials as they can select proper ingredients that lead 
to products with extended service life. The developments of new nanoindentation 
test methods have helped researchers in analyzing the intrinsic properties of the 
materials in larger domain. The nanoindentation technique appears fairly straight-
forward; however, improper knowledge may lead to erroneous results. Since the 
technique is relatively new, few books are available that can develop a deeper 
understanding in the younger generation of researchers.

This book is edited for those who are seeking information on how to use the 
nanoindentation technique and how to analyze the data, so that the relevant infor-
mation can be extracted. I have invited leaders to contribute their chapters that can 
be easily understood by the new users. This is a unique book in which both equip-
ment manufacturers and their users have contributed their chapters. New users will 
learn the techniques directly from the inventors and the manufacturer will gain 
insight on what else is needed for the wider adaptability of this technique.

New test methods, such as PeakForce QNM from Bruker and substrate inde-
pendent measurements from Agilent are detailed in this book. Fischer-Cripps 
describes the technicalities involved in analyzing super hard material, while 
Hysitron teaches a rapid method for mapping the hardness and modulus of 
 materials. Similarly, Micromaterials has described various factors that should be 
taken into account while conducting environmental nanomechanical analysis.

This book comprehensively covers a broad range of materials. Chapters are 
written on polymers, ceramics, hybrids, biomaterials, metal oxide, nanoparticles, 
minerals, carbon nanotubes, and welded joints. Dedicated chapter introduces the 
topic and few chapters teach advanced numerical modeling needed to understand 
the properties of the intricate materials.

Preface



Prefacevi

Being an editor, I can assure readers that this book will certainly help them in 
developing a deeper understanding on concepts related to nanomechanical analysis 
of materials. The book has been written for a broad readership and will help young 
researchers as well as senior learners.

Atul Tiwari, Ph.D.
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J. Němeček Faculty of Civil Engineering Prague, Czech Technical University, 
Prague, Czech Republic

A. H. W. Ngan Department of Mechanical Engineering, University of Hong Kong, 
Pokfulam Road, Hong Kong, People’s Republic of China

Sharanabasappa B. Patil Metallurgical Engineering and Materials Science, IIT 
Bombay, Mumbai, India

Bede Pittenger  Bruker Nano Surfaces Division, Robin Hill Road, Santa Barbra,  
CA 93117, USA

Bahram Ramezanzadeh Department of Polymer Engineering and Color Technol-
ogy, Amirkabir University of Technology, Tehran, 15875-4413, Iran

B. Schmaling Lehrstuhl Werkstoffmechanik, Interdisciplinary Centre for Ad-
vanced Materials Simulation, Ruhr-Universität, 44780 Bochum, Germany

N. Schwarzer Saxonian Institute of Surface Mechanics, Tankow 1, 18569 
Ummanz/Rügen, Germany

M. Sebastiani Department of Mechanical and Industrial Engineering, University 
of Rome “ROMA TRE”, Via della Vasca Navale 79, 00146 Rome, Italy

Douglas D. Stauffer Hysitron, Inc. Technologiezentrum am Europaplatz, Den-
newartstrasse, Aachen, Germany

Chanmin Su Bruker Nano Surfaces Division, Robin Hill Road, Santa Barbra, CA 
93117, USA

S. A. Syed Asif Hysitron, Inc. Technologiezentrum am Europaplatz, Dennewart-
strasse, Aachen, Germany

Atul Tiwari Department of Mechanical Engineering, University of Hawaii at 
Manoa, Honolulu, HI 96822, USA

Hossein Yahyaei Department of Polymer Engineering and Color Technology, 
Amirkabir University of Technology, Tehran, 15875-4413, Iran

Hossein Yari Department of Polymer Engineering and Color Technology, Amirka-
bir University of Technology, Tehran, 15875-4413, Iran

Qiuhong Zhang University of Dayton Research Institute, University of Dayton, 
300 College Park, Dayton, OH 45469, USA



Part I
Introduction



3

Abstract Polymers are chemical compounds or mixture of compounds consisting 
of repeating structural units created through a process known polymerization. These 
are important groups of materials made up of long chain carbon, covalently bonded 
together. Polymerization is a process in which monomeric molecules react together 
chemically to form macromolecules. Polymers are now finding increasing use in 
engineering applications due to unique properties. Mechanical strength of polymers 
is of prime importance in engineering applications. Polymers in their service life are 
exposed to different mechanical and thermal stresses. Durability of polymer strongly 
depends on the resistance of these materials against environmental condition. In order 
to assess the strength of material, good knowledge on mechanic of materials is impera-
tive. In this manner, this section aims at introducing mechanical properties of polymers.

1  Stress and Strain: Back to Fundamentals

In order to characterize the mechanical strength of polymers, knowledge about defi-
nition and types of stress and strain is necessary. Assume a piece of material with 
length l0 and cross-sectional area A0. Applying an axially external force along the 
length of the specimen, stress field is developed. As a result of this external force 
(F); stress τ normal to the cross-section is created according to Eq. 1 (Nielsen 1962):

This is a simple term that is possible for definition of stress, but in general, it 
is necessary to resolve the stresses on a specimen into nine components. Stress 

(1)τ =
F

A0
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state is described in terms of a stress tensor, τij according to Eq. 2 (Kinloch and 
Young 1983):

The first subscript gives the normal to the plane on which the stress acts and the 
second subscript defines the direction of the stress. The components τ11, τ22 and 
τ33 are known as direct or normal stresses because the applied force is perpendicu-
lar to plane and parallel with the normal vector of plane. Accordingly, this stress 
is named tensile stress and gets a positive sign if the force and normal vector of 
plane are in the same direction and is called compress stress with negative sign if 
it has an opposite direction. In other component the force is perpendicular on nor-
mal vector of plane and can shear the specimen and is named shear stress.

Response of specimen against development of stress is named strain. In gen-
eral, it is defined as the difference in length of specimen in one dimension per unit 
of length. Strain is defined according to Eq. 3 (Nielsen 1962):

where Δl is change in length and l0 is the initial length. The complete analysis 
of the strain in a specimen requires careful consideration of the relative displace-
ments in the body under stress.

1.1  Stress–Strain Behavior

When the stress is directly proportional to strain, the material is said to obey 
Hooke’s law. The slope of the straight line portion of curves in Fig. 1 is equal to 

(2)τij =





τ11 τ12 τ13

τ21 τ22 τ23

τ31 τ32 τ33





(3)ε =
∆l

l0
=

l − l0

l0

Fig. 1  A typical stress–strain 
curve of materials. a Metals. 
b Polymers
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the modulus of elasticity. The maximum stress point on the curve, up to which 
stress and strain remain proportional, is called the proportional limit (Nat 1980).

In fact, with increasing the stress, deformation in specimen increases. Strain is 
proportional to stress increase up to a certain point (point p in Fig. 1) at which 
point the kind of deformation of material against stress changes.

Most materials return to their original size and shape, even if the external load 
exceeds the proportional limit. The elastic limit represented by the point E in 
Fig. 1 is the maximum load which may be applied without leaving any perma-
nent deformation of the material. If the material is loaded beyond its elastic limit, 
it does not return to its original size and shape, and is said to have been perma-
nently deformed. On continued loading, a point is reached at which the material 
starts yielding. This point (point Y in Fig. 1b) is known as the yield point, where 
an increase in strain occurs without an increase in stress. The point B in Fig. 1a 
represents break of the material. In polymers before breaking may occur strain 
softening (cold drawing) appears. In this region subsequent deformation can occur 
without further increase in stress. This deformation is named plastic deformation 
which will be reviewed in the next part. After cold drawing, strain hardening step 
occurs. In this region, polymer starts to be stronger before breaking commences.

1.2  Tensile Modulus

According to Eqs. 2 and 3 one can obtain the modulus of elasticity, E, which is 
known as Young’s Modulus:

This equation expresses the required tension stress for a determined strain. The mod-
ulus may be thought of as stiffness, or a material’s resistance to elastic deformation. The 
greater the modulus, the stiffer is the material, or the smaller is the elastic strain.

1.3  Shear Properties

Figure 2 shows the influence of a shear force Ft acting on the area A of a rectan-
gular sample which causes the displacement Δu. The valid expressions are defined 
by shear strain (Eq. 5):

And shear stress is defined as in Eq. 6:

(4)E =
τ

ε

(5)γ =
∆u

l

(6)τ =
Ft

A

Nanotribological Characterization of Polymeric Nanocoatings
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1.4  Shear Modulus

The ratio of shear stress to shear strain represents the shear modulus G (Eq. 7).

1.5  Compressive Properties

The isotropic compression due to the pressure acting on all sides of the parallel 
cylinder is shown in Fig. 3 (Eq. 8):

(7)G =
τ

γ

(8)κ =
∆V

V0

Fig. 3  Compression test

Fig. 2  Shear force on a 
specimen



7Nanotribological Characterization of Polymeric Nanocoatings

where ΔV is the reduction of volume due to deformation of the specimen with the 
original volume V0.

2  Deformation of Polymers

2.1  Elastic Deformation

The elastic behavior of polymers reflects the deformation of the structure on a 
molecular level. In the high-modulus polymers, the deformation takes place essen-
tially through bending and stretching of the aligned polymer backbone bonds which 
requires high forces. On an atomic scale, macroscopic elastic strain is manifested as 
small changes in the interatomic spacing and the stretching of interatomic bonds. As a 
consequence, the magnitude of the modulus of elasticity is a measure of the resistance 
to separation of adjacent atoms/ions/molecules, that is, the interatomic bonding forces.

Differences in modulus values between metals, ceramics, and polymers are a direct 
consequence of the different types of atomic bonding that exist for the three materials 
types. The mechanism of elastic deformation in semi-crystalline polymers in response 
to tensile stresses is the elongation of the chain molecules from their stable conforma-
tions, in the direction of the applied stress, by the bending and stretching of the strong 
covalent bonds. In addition, there may be some slight displacement of adjacent mol-
ecules, which is resisted by relatively weak secondary or Van der Waals bonds.

2.2  Viscoelasticity

A distinctive feature of the mechanical behavior of polymers is their response to 
an applied stress or strain depends upon the rate or time period of loading. In elas-
tic materials the stress is proportional to strain whereas viscose materials, such as 
liquids tend to obey Newton’s law whereby the stress is proportional to strain-rate. 
The behavior of many polymers can be thought of as being somewhere between 
elastic solid and viscose liquid. Owing to this, dual behavior and displaying elastic 
and viscose behaviors in the same time make polymers viscoelastic.

Since polymers are viscoelastic, the mechanical behavior of polymers depends 
upon testing rate as well as temperature, therefore let us review time related prop-
erties of polymers in this section.

2.3  Creep

Under the action of a constant load a polymeric material experiences a time 
dependent increase in strain called creep. Creep is therefore the result of increas-
ing strain over time under constant load.
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2.4  Relaxation

Relaxation is the stress reduction which occurs in a polymer when it is subjected 
to a constant strain. This data is of significance in the design of parts which 
undergo long-term deformation.

2.5  Plastic Flow

Ductile polymers tend to have a fairly well defined yield point as shown in Fig. 1. 
Some semi-crystalline polymers can be cold-drawn to extension ratios in excess 
during which a stable neck extends along the specimen (Bowden 1973).

From molecular point of view, during the initial stage of deformation, the 
chains in the polymer slip past each other and align in the loading direction. This 
causes the lamellar ribbons simply to slide past one another as the tie chains 
within the amorphous regions become extended. Continued deformation in the 
second stage occurs by tilting the lamellae so that the chain folds become aligned 
with the tensile axis. Next, crystalline block segments separate from the lamellae, 
which segments remain attached to one another by tie chains. In the final stage, 
the blocks and tie chains become oriented in the direction of the tensile axis. Thus, 
appreciable tensile deformation of semi-crystalline polymers produces a highly 
oriented structure. During deformation the spherulites experience shape changes 
for moderate levels of elongation. However, for large deformations, the spherulitic 
structure is virtually destroyed.

2.6  Glass Transition Temperature

Glass transition temperature (Tg) is a thermomechanical property of polymers and 
is very important in mechanical studying. At temperatures above the glass tran-
sition temperature, at least at slow to moderate rates of deformation, the amor-
phous polymer is soft and flexible and is either a rubber or a very viscous liquid. 
Mechanical properties show profound changes in the region of the glass transition, 
whilst below this temperature polymer is hard, rigid and glassy. For this reason, Tg 
can be considered the most important material characteristic of a polymer as far 
as mechanical properties are concerned. Many physical and mechanical properties 
change rapidly with temperature in the glass transition region (Nielsen 1962).

Thermodynamic theory based on Gibbs and Di Marzio’s propose, considers 
that the glass transition temperature of a given polymer corresponds to the value 
at which a given chain exhibits only one unique conformation. From the calcula-
tion of the variation of entropy of a chain as a function of the temperature, Tg is 
defined as the temperature at which the conformational entropy is equal to zero.
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2.7  Physical Damaging of Polymers

Polymer resists different stress up to a certain amount after which it deforms irre-
versibly, depending on its structure and condition of damaging (such as rate of 
stressing, temperature) in two forms.

2.8  Ductile Damage

As mentioned earlier after passing from yield stress, polymer deforms plastically. 
This damage may occur in two ways.

2.8.1  Shear Yielding

One important mechanism which can lead to plastic deformation in polymers is 
shear yielding (Bowden 1973). It takes place essentially at constant volume and 
leads to permanent change in specimen shape. There is obviously a translation of 
molecules past each other during shear yielding but on annealing a deformed glassy 
polymer above its Tg it often completely recovers its original shape. The mole-
cules are well anchored at entanglements in the structure and are not broken to any 
motions when they have sufficient mobility above Tg (Bowden and Young 1974).

2.8.2  Crazing

A craze is initiated when an applied tensile stress causes microvoids to nucleate 
at point of high stress concentrations in the polymer created by scratches, flaws, 
cracks, dust particles, molecular heterogeneities.

The microvoids develop in the plane perpendicular to the maximum principal 
stress. The resulting localized yielded region therefore consists of interpenetrating 
system of voids and polymer fibrils and is known as craze. This typically results in 
slow cavity expansion, followed by crack extension through the craze, and finally 
crack propagation proceeds by a craze.

Shear yielding occurs essentially at constant volume whereas crazing occurs 
with an increase in volume.

2.9  Fracture Damage

In most practical situations a fracture originates from local concentrations of stress 
at flaws, scratches or notches. When a polymer solid is deformed the molecules 
slide past each other and tend to uncoil, breaking secondary bonds. Molecular frac-
ture through the scission of primary bonds will take place if, for any reason, the flow 
of molecules past each other is restricted due to the nature of the polymer structure.
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3  Scratch and Mar Resistance of the Polymeric Materials

The lifetime of polymers is often dependent on their mechanical properties. For 
example, as a result of abrasion, loss of optical properties can occur. Scratch and mar 
are two types of frequent damages occurred when the surface of polymeric materi-
als is exposed to any mechanical force and/or stress. In these kinds of damages the 
dimensions of failures vary from very small, i.e. micron size scratches, to very large 
up to a millimeter width. Mar is referred to those mechanical damages with small 
size, a few microns in width and depth, produced typically by automatic car wash 
brushes, hand washing and sand abrading particles (Courter and Mar 1997; Jardret 
et al. 2000; Hara et al. 2000; Barletta et al. 2010; Bautista et al. 2011). In fact, the 
cause of mar is a slight mechanical stress which is not easily visible with human 
eyes. However, sharp objects such as tree branches and keys induce normal forces. 
The scratch groove will be created when a sharp object moves across the polymer 
surface. The schematic illustration of the process named scratch is shown in Fig. 4.

Scratch involves different issues including friction, wear and lubrication. The 
friction is occurred when an object moves onto on another one. Depending on the 
types of the materials, the friction may follow three main forms including (1) the 
friction force is proportional to the normal load, (2) the friction force is independ-
ent of the apparent area of the contact zone and (3) the friction force is independ-
ent of the sliding velocity. Polymers are viscoelastic materials with indentation 
softness which follows only the third friction form. Friction can be classified into 
two categories. In the first one the friction is due to adhesion (Fadh) and in the 
second the friction is a result of deformation (Fdef). The former is related to the 
molecular attractive forces that operate at the asperities and the latter is attributed 
to energy dissipation by the surface deformation when friction occurs (Hutchings 
1992; Cartledge et al. 1996; Yang and Wu 1997; Persson 2000; Schwarzentruber 
2002; Tahmassebi et al. 2010; Ramezanzadeh et al. 2011a, b).

Fig. 4  The schematic illustration of scratch formation on schematic of polymeric materials surfaces
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Depending on the cause of scratch, stress intensity, scratch velocity and vis-
coelastic properties of the polymer, a wide range of surface deformations includ-
ing elastic (no damage), visco-plastic (damage) and fracture (severe damage) 
can be observed. Furthermore, the tribological properties of polymeric materials, 
depending on the scratching factors, are shown in four types of failure damages 
including detachment, delamination, cracking and/or spalling of the materials. 
It seems that different parameters including polymer physical and mechanical 
properties, substrate and the interfacial interaction play significant roles on the 
polymer tribological properties (Hutchings 1992; Cartledge et al. 1996; Briscoe  
et al. 1996a, b; Yang and Wu 1997; Persson 2000; Bertrand-Lambotte et al. 2002; 
Tahmassebi et al. 2010).

Different parameters like scratching indenter tip morphology (tip radiance and 
stiffness), tip velocity and polymer viscoelastic properties can affect the polymer 
response against applied stresses. Figure 5 shows that stress applied to the polymer 
surface during scratch test can be divided into two forms of tangential and vertical 
vectors. Tangential forces are responsible for compression and stretching of the 
polymer in front and behind of the scratching tip respectively. Tensile stresses pro-
duced behind such a tip can lead to cracks in the polymer and/or aid in scratch for-
mation. Consequently, the tensile stress/strain behavior of the polymer surface can 
be used to predict scratch behavior. Based on the stress applied, both ductile and 
brittle behaviors can be seen. At low intensities of the stress, the polymer behaves 
more ductile and therefore scratch with plastic morphology will be formed. For 
ductile polymers, the plastic deformation correlates with the evolution of the ratio 
of elastic modulus/hardness (E/H). On the other hand, fracture deformation occurs 
when the stress applied to the polymer is high enough that polymer cannot tolerate 

Fig. 5  Schematic illustration of the applied stress by scratch indenters on the polymer surface 
deformation
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it. In this case, polymer show more brittleness and the scratch may be linked to 
the tensile behavior of the polymer (Cartledge et al. 1996; Briscoe et al. 1996a, b; 
Yang and Wu 1997).

4  Polymer Damage Classification from a Tribological  
View Point

There are three main classifications of polymer damage including (a) dam-
age without material exchange, (b) damage with loss of material, i.e. wear and 
(c) damage with material pick up. In the first type, only surface geometry and/
or topography of the polymer surface without material exchange will be influ-
enced. The severity of this kind of damage depends on polymer characteristics 
like Young’s modulus, hardness and toughness. In fact, the hardness and tough-
ness of the polymeric materials are crucial parameters which could influence the 
polymer surface topography changes and surface cracking (Cartledge et al. 1996; 
Briscoe et al. 1996a, b; Yang and Wu 1997; Persson 2000; Bertrand-Lambotte  
et al. 2002; Ramezanzadeh 2012a, b). Wear is another type of damage including 
polymer material loss both by the polymer detachment and/or gradual removal of 
the polymeric material. Damage with material pick up is another cause of poly-
meric materials tribology as a result of surface indentation and/or scratch (Briscoe 
et al. 1996a, b; Bertrand-Lambotte et al. 2002; Ramezanzadeh 2012a, b).

5  Polymer Surface Damage Classification from 
Morphological View Point

Depending on stress severity performed on the polymer surface, scratching condi-
tion as well as the viscoelastic properties of the polymer, scratches with plastic 
or fracture morphology can be created on the polymer surface. The fracture type 
scratches are caused by more severe contact damage from larger asperities. They 
have irregular shapes with sharp edges and mostly followed by material pick up 
from the polymer surface. The scratch width in this case varies from very small 
(under 25 μm) to very large (over 1 mm) (Hutchings 1992; Yang and Wu 1997; 
Persson 2000; Schwarzentruber 2002; Tahmassebi et al. 2010). The electron 
microscope images of such morphology are shown in Fig. 6.

The materials removal during fracture types of scratch depends on both scratch-
ing conditions and polymer properties. It has been shown that fracture type 
scratches have two main morphologies; (a) polymer material removal with poly-
meric particulates residue inside scratch and (b) polymer material pick up without 
polymeric particles residue. The visual observations of these two different fracture 
types of scratches are shown in Fig. 7.
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It can be seen from Fig. 4 that both fracture type’s scratches can scatter vis-
ible light intensively, leading to significant reduction in polymer gloss. However, it 
will be shown that scratches with detached pieces of polymeric particles can scat-
ter visible light even more intensively than the other type. Another characteristic 
of the fracture type scratch is its low self-healing ability in exposure to environ-
mental condition. In fact, the fracture type deformation is irreversible and cannot 

Fig. 6  SEM micrographs of the scratches with fracture morphology created at different stresses. 
a Surface rupture. b Material pike up (Tahmassebi et al. 2010)

Fig. 7  Two types scratches with fracture morphology. a With polymeric particulates residue 
inside scratch. b Without polymeric particulates residue inside of the scratch (Ramezanzadeh 
et al. 2011a, b)
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be healed in anyways due to the polymer chains tearing (Schwarzentruber 2002; 
Tahmassebi et al. 2010; Ramezanzadeh et al. 2011a, b).

Unlike fracture type scratch, the plastic type has smooth regular surface with 
lower capability of light scattering. In addition, this type of deformation has inher-
ent ability to self heal with time or with increased temperature. The visual perfor-
mance of a plastic type scratch is shown in Fig. 8.

Because of the smooth surface, this kind of scratch is not visible easily by 
human eyes.

6  Effective Parameters Influencing Polymer Scratch 
Resistance

In order to enhance the polymers resistance against wear and scratch, there are 
two main strategies; (1) increasing surface slippage and hardness and (2) enhanc-
ing cohesive forces within polymer matrix that modify the viscoelastic properties 
(Courter 1997; Jardret et al. 1998; Hara et al. 2000). In the first approach, the force 
needed by the scratching objects to produce scratch on the polymer surface can be 
significantly increased by the enhancement in polymer surface slippage and hard-
ness. However, it has been shown that greater hardness does not necessarily guaran-
tee the polymer against scratch. There are problems with highly increased polymer 
surface hardness. For examples, when the applied forces are greater than the criti-
cal force, it leads to fracture type scratches creation. Increasing polymeric materials 
surface hardness can also result in an increase in polymer brittleness and therefore 
reduction of other properties like flexibility. For the hard polymers, the scratch 
resistance is often related to the adhesive strength of the interface with their sub-
strate. Failure of these polymers is commonly identified as a delamination process.

Fig. 8  Plastic type morphology of the scratch. a SEM micrograph. b Schematic illustration 
(Tahmassebi et al. 2010; Ramezanzadeh et al. 2011a, b)
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In the second approach, enhancing the cohesive forces within a polymer could 
prevent sharp objects from polymer chains tearing. Therefore, changing polymer 
viscoelastic properties is another way of controlling scratch resistance (Courter 
1997; Jardret et al. 1998; Hara et al. 2000; Jardret and Ryntz 2005). In order to 
investigate polymers scratch resistance precisely, it is necessary to evaluate their 
viscoelastic–viscoplastic properties as well as the difference between the tensile 
and compressive behaviors. Polymers are known as viscoelastic materials with 
high ability of dissipating energy as heat during deformation. The amount of 
energy dissipated per unit distance during this process can be defined as friction. 
The frictional force, Fviscoelastic, is shown by Eq. 9:

where υ, E, β and W are respectively Poisson’s ratio, real part of Young’s modulus, 
fraction of the total energy that is dissipated and projected area to scratching tip 
(Cartledge et al. 1996).

Different parameters like cross-linking density, polymer chains molecular 
weight, glass transition temperature (Tg) and elastic modulus are effective param-
eters influencing the polymer viscoelastic properties. The polymer scratch resist-
ance can be under control of such parameters changes. In this regard, two main 
strategies are found effective; (1) producing polymers with low enough Tg show-
ing reflow behavior and (2) producing extraordinary high cross-linking density 
and/or molecular weight polymers. In the first approach, although the scratching 
objects could penetrate into the polymer matrix easily, the polymer deformation 
would be mostly in form of plastic which can be easily healed by temperature 
(Tahmassebi 2010; Ramezanzadeh et al. 2011a, b, 2012a, b). Moreover, the plas-
tic type scratches have fewer effects on the polymer appearance changes. The 
only negative point mentioned for this strategy of scratch resistance improvement 
of the polymers is low polymeric materials resistance against sharp objects pen-
etration. In fact, polymers with low Tg cannot tolerate high level of stresses. As 
a result, the number of scratches produced in long period of application time will 
be considerably increased. Producing polymers with the mentioned properties can 
significantly increase its scratch resistance. The stress needed for the scratching 
objects to diffuse into the polymer matrix will be considerably increased when the 
polymer cross-linking density and/or molecular weight is high. Increasing cross-
linking density and/or molecular weight results in higher polymer ability to stress 
storing and stress relaxation. The cross-links behave like a spring which can store 
stress when the polymer is under stress and relax it when leaving stress. In this 
way, the polymer resistance against scratch is high enough that no damage occurs. 
However, the high polymer elasticity (elastic modulus) cannot necessarily lead to 
its protection against scratch at all scratching conditions. In fact, when the stress 
applied to the polymer exceeds a critical stress that polymer can tolerate the poly-
mer chains start tearing resulting into fracture type scratch. Moreover, the frac-
ture type scratch influences the polymer appearance severely in a negative way. 
Based on these explanations, polymers with the low and high cross-linking density 

(9)Fviscoelastic = 0.17 βW4/3R−2/3

(

1 − υ2

)1/3

E−1/3
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and/or elastic modulus have advantages and disadvantages from the scratch resist-
ance view point. In our recent findings, it has been shown that in order to design a 
polymer with appropriate scratch resistance, its toughness should be enhanced. In 
fact, the tough polymeric materials have high capability of stress damping together 
with high scratch resistance (Courter 1997; Hara et al. 2000; Jardret and Morel 
2003; Jardret and Ryntz 2005; Groenewolt 2008). The scratches on tough poly-
mers are both in forms of plastic (with self-healing ability) and fracture deforma-
tions. There are lots of methods to enhance the polymers toughness which will be 
discussed later.

7  Methods and Instrumentation

In order to evaluate any phenomenon, it is needed to characterize it quantitatively. 
As mentioned in the previous section, scratch affects the visual properties of poly-
meric coatings. Below, we review testing methods that evaluate changes in vis-
ual performance of surfaces of polymeric coatings. After that, we proceed with 
explaining the tests that mimic a single scratch on the surface and measure impor-
tant parameters on scratch resistance such as: elastic modulus of surface, surface 
hardness, depth and width of scratch, pile up and depth recovery.

7.1  Amtec Laboratory Car Wash

The automotive and paint industry are already interested in this method. The 
method allows a realistic simulation of the strain caused by an automatic car wash. 
The clearcoat to be tested is moved back and forth 10 times under a rotating car 
wash brush. The brush is sprayed with washing water during the cleaning pro-
cedure. A defined amount of quartz powder is added to the washing water as a 
replacement for street dirt. A gloss measurement in 20° geometry is used to evalu-
ate the scratch resistance. The initial gloss and the gloss after the cleaning proce-
dure are measured. The percentage of residual gloss with regard to the initial gloss 
is a measure for scratch resistance. High values indicate good scratch resistance 
(Osterhold and Wagner 2002).

7.2  Crockmeter

An automatic crockmeter is used for this test. This instrument is equipped with 
an electrical motor, so that a uniform stroke rate of 60 double strokes per min is 
reached. The sample is fixed on a flat pedestal. The sample is exposed to linear 
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rubbing caused by a “rubbing finger”. A special testing material is attached to the 
bottom side of the “rubbing finger”. The “rubbing finger” is 16 mm in diameter 
and its downward force is 9 N. Ten double strokes are carried out over a length of 
100 mm. For this method, the percentage of residual gloss is also used as a meas-
ure for scratching (Osterhold and Wagner 2002).

7.3  The IST Method

In this modified sanding process, using a spherical capped grinder (calotte) the 
measure is the amount of abraded material per wear-inducing work. The calotte 
sanding machine works with a rotating ball, 3 cm in diameter that rotates on the 
coated surface (Fig. 9). Dirt and dust are simulated by covering the ball with an 
abrasive suspension during the sanding process. After a defined exposure time 
(sanding time), the diameter of the sanded calotte is measured using a light micro-
scope. The wear volume is calculated from the measured diameter. By adjusting 
the exposure time, the process can be set up so that the depth of the calotte is only 
a few micrometers. The wear value (VW) can be calculated from the sanding dis-
tance (S), downward force (FN), and wear volume (VKal) (Eq. 10):

7.4  Taber

The Taber test is used to measure abrasion resistance of surfaces. In this test, the 
abrasion is produced by the contact of a test sample, turning on a vertical axis, 
with the sliding rotation of two abrading wheels. The wheels are driven by the 
sample in opposite directions about a horizontal axis displaced from the axis of 
the sample. One abrading wheel rubs the specimen outward toward the periph-
ery and the other, inward toward the center. The resulting abrasion marks form a 
pattern of crossed scratches over an area of approximately 30 square centimeters. 
Wheel pressure against the specimen is usually included in the standard specifica-
tion. Ordinarily, one of three standard weights, i.e., 250, 500 or 1,000 g, is used 

(10)VW =
VKal

SFN

Fig. 9  Schematic diagram of 
IST test
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for each wheel. In order to evaluate coating abrasion resistance after abrading, two 
methods can be utilized:

1. Weight loss: in this approach, the weights of specimen before and after abra-
sion are to be compared.

2. Optical method: In this method optical property of coatings such as gloss, 
transmission and haze are measured and compared before and after abrasion 
(Sun et al. 2002).

These tests investigate scratch of surface globally in a micron scale. Since mar 
and scratch occur on the surface of coatings, it is important to study mechanical 
properties of coatings at the top layer of surface. In this regard, nanoindentation 
and nanoscratch are very helpful in order to investigate surface properties.

8  Nanoindentation

Figure 10 shows a schematic representation of load versus indentation time and 
depth respectively from the indentation data, the contact depth, hc is calculated 
from the indenter load, P, total penetration, h, and contact stiffness, S (dP/dh) 
measured at the beginning of unloading [Eq. 11 (Oliver and Pharr 1992)]:

(11)hc = hmax − ε
pmax

S

Fig. 10  Schematic representation of load versus time (a) and load versus indentation depth (b) 
for an indentation experiment. The quantities shown are pmax: the maximum indentation load, 
hmax; maximum indentation depth at maximum load, hf final indentation depth at zero load; and 
hc: extrapolated indentation depth, S; contact stiffness (unloading slope curve)
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where ε is a constant (≈0.75). The contact stiffness, S, is obtained from a regres-
sion function fitted to the unloading curve. The contact area A is calculated from 
contact depth (A = f(hc)), with the calibration function according to Eq. 12 (Oliver 
and Pharr 1992):

The composite modulus Er is determined from the contact stiffness S and con-
tact area [Eq. 13 (Oliver and Pharr 1992)]

β is the correction factor for the indenter shape (β ≈ 1.07; see reference (Oliver 
and Pharr 1992).

The Elastic modulus of the specimen is then calculated from the composite 
modulus using Eq. 14 (Oliver and Pharr 1992):

This equation reflects the fact that the total elastic compliance at the contact 
consists of the compliance of the specimen (no subscript) and the indenter (sub-
script i); v is Poisson’s ratio. Hardness is defined as the extent of the material 
resistance to local plastic deformation. Thus, the hardness, H, can be measured 
from the maximum applied load, Pmax; divided by the contact area, A; according 
to Eq. 15 (Oliver and Pharr 1992):

Generally speaking, a polymer film may respond to an indentation force in 
one of three ways: viscoelastic deformation, viscoplastic deformation, or fracture. 
Nanoindentation measurements can only distinguish between recoverable and 
unrecoverable deformation. For deformations that recover in the time scale of the 
measurement, polymers are generally behaving elastically. For those that do not 
recover in the time scale of the measurement, they are taken to be plastic deforma-
tions. Usually, a parameter called the “plasticity index”, ψ, is used to describe the 
relative plastic/elastic character of a material as Eq. 16 (Binyang et al. 2001).

where wp is the area encompassed between the loading and unloading curves 
and is equal to the plastic work done during indentation. we is the area under the 
unloading curve and is equal to the viscoelastic recovery as illustrated in Fig. 11.

(12)A = 24.5h2

c

(13)Er =
√

π

2β

S
√

A

(14)
1

Er

=
1 − ν2

E
+

1 − ν2

i
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(15)H =
Pmax

A

(16)Ψ =
wp

we + wp
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9  Nanoscratch

In this test, a scratching tip in a constant load or a progressive variable normal 
force moves on the surface of coating with a determined velocity. After creating 
scratch on the sample a monitoring devices such as AFM could scan the scratch 
region and prepare picture from scratched domain. The scratch dimensions, i.e. 
scratch depth, pile-up height of created scratches and percent elastic recovery 
could be derived from AFM image.

In this method, in addition to pictorial analysis, applied force is plotted versus 
displacement.

10  Case Studies

It is well known that tribological properties of polymers can be generally improved 
with the incorporation of reinforcing and/or lubricating substances. While, the 
lubricants mainly decrease the surface energy and friction coefficient, reinforc-
ing fillers increase the strength of polymeric materials. Examples of conventional 
lubricating fillers include graphite, poly (tetrafluoroethylene) (PTFE), molybde-
num disulfide (MoS2), and some synthetic oils; while common reinforcing fillers 
include Silica, titania, alumina and so on.

10.1  Lubricating Fillers

In the severe applications, employing high performance materials would not be 
sufficient to resist intensive tribological actions. Therefore, the tribological prop-
erties of these materials have to be improved via other mechanisms. To make it 
clear, the following example is given. Polyetheretherketone (PEEK) is intrinsically 
a high performance engineering thermoplastic polymer with excellent mechanical 
and long-term properties. Utilization of PEEK in bearing and sliding parts causes 
a high friction coefficient as a result of direct contact between PEEK coating and 

Fig. 11  The schematic 
diagram of plasticity index 
(Binyang et al. 2001)



21Nanotribological Characterization of Polymeric Nanocoatings

other metals in contact. In a study done at Nottingham University (Hou et al. 
2008), researchers attempted to reduce the friction coefficient of the PEEK using 
incorporating inorganic fullerene-like tungsten disulfide (IF-WS2) nanoparti-
cles as novel lubricant in the PEEK matrix. Their results revealed that significant 
improvement in the tribological properties of the PEEK coatings was resulted. Up 
to 70 % (from 0.4 to 0.15) decrease in friction coefficient as a consequence of 
incorporation of 2.5 wt % of IF nanoparticles was attributed to the lower shearing 
strength of the lubricating nanoparticles. This modification led also to as much as 
60 % increase in hardness of the coating.

10.2  Reinforcing Fillers

It is well understood that addition of a low loading of rigid nanoparticles into 
polymers significantly enhances their mechanical properties, especially stiffness 
and scratch resistance. These improvements are mainly attributed to the much 
more extensive interfacial areas of nanoparticles compared to their macro- and 
micro-scale counterparts. In order to reach the highest level of improvement, 
homogenous dispersion of nano-sized particles in the matrix and good interfa-
cial interaction between nanoparticles and matrix are required. A few examples 
of using various reinforcing fillers into the polymeric matrices for the purpose of 
promoting tribological properties of polymers are briefly presented and discussed 
here.

In a research on UV cured coatings done by Salleh and co-workers, it was dem-
onstrated that increasing in silica content of the coating improved its scratch resist-
ance (Salleh et al. 2009). This modification also led to an increase in hardness. The 
hardness increase was because of increase in modulus as well as the presence of 
the hard silica nanoparticles. It was claimed that nanoparticles via accelerating the 
cure reaction and restricting the segmental motion of the polymeric chains (as a 
result of nanoparticle incorporation which promotes hydrogen bonding and viscos-
ity) enhanced the gel content and cross-linking density of UV cured systems.

In recent works (Tahmassebi et al. 2010; Ramezanzadeh et al. 2011a, b, 2012a, b), 
hydrophobic nano silica particles were incorporated into an acrylic/melamine resin, 
which is used as an automotive clearcoat, to improve its abrasion and scratch resist-
ance. Scratch resistance is one of the primary requirements of an automotive clear-
coat to prevent or decrease gloss losses caused by various abrasive factors to which 
the coating may be exposed. Figure 12 shows optical microscope images of surfaces 
of different clearcoats containing various loadings of nanosilica scratched by a simu-
lated carwash (Yari et al. 2012).

The optical images clearly indicate that as nano silica increases, the abrasion 
resistance enhances. Sample containing higher loadings of silica have the best 
performance against carwash brushes so that the sample loaded with 3.75 wt % 
nanosilica seems remained intact during carwash simulation test. In addition, it 
was also found that as the silica content increased the morphology of damages 
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altered from fracture-type to plastic-type (Ramezanzadeh et al. 2011a, b). This 
was attributed to the ball-bearing effect of silica particles which ease the motion 
of polymeric chain and plastic deformation (Ramezanzadeh et al. 2011a, b; Yari  
et al. 2012). The plastic scratches created on such nanocomposites have been 
shown in previous parts (Fig. 8). Beside enhanced scratch resistance, it was proved 
that nanosilica particles function as a UV absorber in the clearcoat. This resulted 
in a considerable improvement in weathering performance and durability of the 
automotive clearcoats which considered as important as the scratch resistance in 
automotive industry (Yari et al. 2012).

Other mechanisms have been also proposed for enhanced hardness and 
scratch resistance of coatings containing nanosilica particles. In couple of studies 
(Messoriet al. 2003; Amerio 2005), it was revealed that the increase in hardness of 
nanocomposites results from segregation of nanoparticles from bulk of the matrix 
toward its surface. The XPS results proved that silica nanoparticles segregated 
onto the outer surface, making the surface completely inorganic.

Polycarbonate (PC) is an engineering transparent thermoplastic material with 
good dimensional and thermal stability. In some optical applications such as glaz-
ing, eye wear and compact disks the tribological properties like scratching or wear 
performance of PC are very crucial. In a research paper (Carrión et al. 2008), it 
was attempted to modify the tribological properties through introducing nano-
sized organoclay sheets into PC system. It was concluded that nanoclay had a 
plasticizing effect in the matrix which lowered glass transition temperature, easing 
movement of polymer chain segments. This modification led to a slight increase 
in hardness, but a significant decrease in friction coefficient (up to 88 %). These 

Fig. 12  Optical images of clearcoat surfaces after carwash simulation test
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variations enhanced the wear performance of nanocomposite nearly two orders of 
magnitude with respect to the neat polymer. Such improvement in tribological per-
formance was assigned to the presence of nanoclay and its uniform dispersion in 
the PC matrix.

In another study targeted in improving the tribological properties of PC films, 
it was demonstrated that addition of nano-SiO2 particles increased the hardness, 
modulus, elastic recovery and scratch resistance of the PC films. The increased 
scratch resistance was thought to be due to the rolling effect of the nanoparticles 
which decreased the friction coefficient of the surface (Wang et al. 2010).

Polyhedral oligomeric silsesquioxanes (POSS) are a novel class of organic–
inorganic compounds, which have been utilized to modify various properties espe-
cially mechanical ones of polymeric matrices (Cordes et al. 2010). In numerous 
papers they have been utilized to reinforce the matrix structure of a wide range 
of thermosets and/or thermoplastics. These hybrid materials have been used for 
improving the surface properties of a typical methacrylic coating (Amerio et al. 
2008). The final properties of UV cured films demonstrated that introducing 5 and 
10 % of POSS content in the organic resin enhanced the scratch resistance around 
5 and 8 times, respectively. This level of improvement was beholden to presence 
of POSS cages in the matrix which resulted in an increase in Tg, cross-linking den-
sity and modulus of the coating.

As shown in previous examples, nano-filler embedded polymers showed 
enhanced scratch and wear resistance provided that the fillers have been well 
dispersed in the polymeric matrix. However, obtaining appropriate dispersion 
requires surface modification of the particles and/or using different dispers-
ing techniques (Rostami et al. 2010; Rostami 2012). In-situ generating inorganic 
phase inside organic matrix using sol–gel technique has attracted lots of attentions 
in recent years. Various Organic/inorganic precursors can be used to produce in 
situ inorganic network in the matrix. These precursors, either as network former, 
such as tetraethyl orthosilicate (TEOS) or network modifier such as methacryloxy 
propyl trimethoxysilane (MEMO) and glycidoxy propyl trimethoxysilane (GPTS), 
can be introduced to the main polymeric film former to obtain a so-called hybrid 
nanocomposite films. As a result of various hydrolysis and self-condensation 
reactions, a three-dimension cross-linked network is formed (Ramezanzadeh and 
Mohseni 2012; Ramezanzadeh 2012a, b). The hydrolyzed precursors are able to 
react with the functional groups of polymeric matrix such as polyol and other cur-
ing cross-linkers such as amino or isocyanate compounds. In this way, a hybrid 
nanocomposite containing nano-sized organic/inorganic phases can be obtained 
(Fig. 13).

In an attempt to modify the abrasion resistance of PC substrates, a novel sol–
gel based UV cured hybrid coatings were prepared by combining different silanes 
with various urethane acrylate monomers (Yahyaei et al. 2011; Yahyaei and 
Mohseni 2013). A schematic presentation of coating structure is shown in Fig. 14. 
The tribological aspects of the PC substrate coated with different hybrid coatings 
were evaluated in both micro- and nano-scale by the aid of precise characterizing 
techniques.
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Abrasion test results demonstrated that abrasion index (AI) values varied 
noticeably. While abrasion index of blank PC was 0.28, those of coated with sol–
gel containing films had declined to values less than 0.1. Lower AI means a higher 
abrasion resistance. Increased abrasion resistance in presence of the inorganic 
phase was attributed to enhanced elastic modulus and hardness of the hybrid films. 
However, it was concluded that in order to observe a greater abrasion resistance a 
medium content of inorganic and organic is needed to meet a balance of hardness 
and flexibility. As seen in Fig. 15, films possessing medium hardness have the best 
abrasion resistance. This balance allows less deformation and higher ability of the 
deformed area to recover and heal after removing the force.

Fig. 13  Schematic illustration of a sol–gel based automotive clearcoat containing organic/inor-
ganic precursors

Fig. 14  A pictorial representation of hybrid materials
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11  Concluding Remarks

Polymers have different usages depending on their structures and their properties. 
In all applications, mechanical characteristics and the way polymers respond to 
an internal and/or external force is crucial. In addition, the effect of temperature 
and the testing method are also important. In some applications it is also needed 
to appreciate the mechanical properties at the bulk as well as the very top layer 
of the material close to the interface of material and air. In this chapter we have 
attempted to describe the fundamental of polymer properties and the methods by 
which they can be evaluated. Strategies to enhance the surface and bulk mechani-
cal properties of polymers together with some case studies have been discussed.

References

Amerio E, Sangermano M, Malucelli G, Priola A, Voit B (2005) Preparation and characteriza-
tion of hybrid nanocomposite coatings by photopolymerization and sol–gel process. Polymer 
46:11241

Fig. 15  Cross polarized optical micrographs of taber abraded tracks. a Sample with low hard-
ness. b Blank PC. c Sample with high hardness. d Sample with medium hardness



26 M. Mohseni et al.

Amerio E, Sangermano M, Colucci G, Malucelli G, Messori M, Taurino R, Fabbri P (2008) 
UV curing of Organic-Inorganic hybrid coatings containing Polyhedral Oligomeric 
Silsesquioxane blocks. Macromol Mater Eng 293:700–707

Barletta M, Bellisario D, Rubino G, Ucciardello N (2010) Scratch and wear resistance of trans-
parent topcoats on carbon laminates. Prog Org Coat 67:209

Bautista Y, Gómez MP, Ribes C, Sanz V (2011) Correlation between the wear resistance, and the 
scratch resistance, for nanocomposite coatings. Prog Org Coat 70(4):178

Bertrand-Lambotte P, Loubet JL, Verpy C, Pavan S (2002) Understanding of automotive clear-
coats scratch resistance. Thin Solid Films 420–421:281

Binyang D, Ophelia KC, Qingling Z, Tianbai H (2001) Study of elastic modulus and yield 
strength of polymer thin films using atomic force microscopy. Langmuir 17:3286

Bowden PB (1973) In: Haward RN (ed) The physics of glassy polymers. Applied Science 
Publisher Ltd., London

Bowden PB, Young RJ (1974) Deformation mechanisms in crystalline polymers. J Mater Sci 
9:2034

Briscoe BJ, Evans PD, Pelillo E, Sinha SK (1996a) Scratching maps for polymers. Wear 200:137
Briscoe BJ, Pelillo E, Sinha SK (1996b) Scratch hardness and deformation maps for polycarbon-

ate and polyethylene. Polym Eng Sci 36(24):2996
Carrión FJ, Ao Arribas, Bermu’dez MD, Guillamon A (2008) Physical and tribological properties 

of a new polycarbonate-organoclay nanocomposite. Eur Polymer J 44:968–977
Cartledge HCY, Baillie C, Mai YW (1996) Friction and wear mechanisms of a thermoplastic 

composite GF/PA6 subjected to different thermal histories. Wear 194:178
Cordes DB, Lickiss PD, Rataboul F (2010) Recent developments in the chemistry of cubic 

Polyhedral Oligosilsesquioxanes. Chem Rev 110:2081–2173
Courter JL (1997) Mar resistance of automotive clearcoat: I. Relationship to coating mechanical 

properties. J Coat Technol 69(866):57
Groenewolt M (2008) Highly scratch resistant coatings for automotive applications. Prog Org 

Coat 61:106
Hara Y, Mori T, Fujitani T (2000) Relationship between viscoelasticity and scratch morphology 

of coating films. Prog Org Coat 40:39
Hou X, Shan CX, Choy KL (2008) Microstructures and tribological properties of PEEK-based 

nanocomposite coatings incorporating inorganic fullerene-like nanoparticles. Surf Coat 
Technol 202:2287

Hutchings IM (1992) Tribology-Friction and wear of engineering materials. CRC Press, Boca 
Raton

Jardret V, Morel P (2003) Viscoelastic effects on the scratch resistance of polymers: relationship 
between mechanical properties and scratch properties at various temperatures. Prog Org Coat 
48:322

Jardret V, Ryntz R (2005) Visco-Elastic Visco-Plastic analysis of scratch resistance of organic 
coatings. J Coat Technol Res 2(8):591

Jardret V, Zahouani H, Loubet JL, Mathia TG (1998) Understanding and quantification of elastic 
and plastic deformation during a scratch test. Wear 218:8

Jardret V, Lucas BN, Oliver W (2000) Scratch durability of automotive clear coatings: a quantita-
tive, reliable and robust methodology. J Coat Technol 72(907):79

Kinloch AJ, Young RJ (1983) Fracture behavior of polymers. Applied Science Publishers Ltd., 
London

Messori M, Toselli M, Pilati F, Fabbri E, Fabbri P, Busoli S, Pasquali L, Nannarone S (2003) 
Flame retarding poly(methyl methacrylate) with nanostructured organic–inorganic hybrids 
coatings. Polymer 44:4463

Nat DS (1980) A text book of materials and metallurgy. Katson Publishing House, Ludhiana
Nielsen LE (1962) Mechanical properties of polymers and composites. Dekker M. INC
Oliver WC, Pharr GM (1992) An improved technique for determining hardness and elastic modu-

lus using load and displacement sensing indentation experiments. J Mater Res 7:1564



27Nanotribological Characterization of Polymeric Nanocoatings

Osterhold M, Wagner G (2002) Methods for characterizing the mar resistance. Prog Org Coat 
45:365

Persson BNJ (2000) Sliding Friction–Physical principles and applications, 2nd edn. Springer, 
Berlin

Ramezanzadeh B, Mohseni M (2012) Preparation of sol–gel based nano-structured hybrid coat-
ings: effects of combined precursor’s mixtures on coatings morphological and mechanical 
properties. J Sol-Gel Sci Technol 64:232–244

Ramezanzadeh B, Moradian S, Khosravi A, Tahmasebi N (2011a) A new approach to investi-
gate scratch morphology and appearance of an automotive coating containing nano-SiO2 and 
polysiloxane additives. Prog Org Coat 72(3):541

Ramezanzadeh B, Moradian S, Tahmasebi N, Khosravi A (2011b) Studying the role of polysi-
loxane additives and nano-SiO2 on the mechanical properties of a typical acrylic/melamine 
clearcoat. Prog Org Coat 72:621

Ramezanzadeh B, Mohseni M, Karbasi A (2012a) Preparation of sol–gel-based nanostructured 
hybrid coatings, part 1: morphological and mechanical studies. J Mater Sci 47:440–454

Ramezanzadeh B, Moradian S, Khosravi A, Tahmassebi N (2012b) Effect of polysiloxane addi-
tives on the scratch resistance of an acrylic melamine automotive clearcoat. J Coat Technol 
Res 9(2):203

Rostami M, Ranjbar Z, Mohseni M (2010) Investigating the interfacial interaction of different 
aminosilane treated nano silicas with a polyurethane coating. Appl Surf Sci 257:899–904

Rostami M, Mohseni M, Ranjbar Z (2012) An attempt to quantitatively predict the interfacial 
adhesion of differently surface treated nanosilicas in a polyurethane coating matrix using ten-
sile strength and DMTA analysis. Int J Adhes Adhes 34:24–31

Salleh NGN, Yhaya MF, Hassan A, Bakar AA, Mokhtar M (2009) Development of Scratchand 
Abrasion-Resistant coating materials based on nanoparticles, cured by radiation. Int J Polym 
Mater 58:422

Schwarzentruber P (2002) Scratch resistance and weatherfastness of UV-curable clearcoats. 
Macromol Symp 187:531

Suna J, Mukamal H, Liu Z, Shen W (2002) Analysis of the Taber test in characterization of auto-
motive side windows. Tribo Lett 13:49

Tahmassebi N, Moradian S, Ramezanzadeh B, Khosravi A, Behdad S (2010) Effect of addition 
of hydrophobic nano silica on viscoelastic properties and scratch resistance of an acrylic/
melamine automotive clearcoat. Tribo Intern 43:685

Wang ZZ, Gu P, Zhang Z (2010) Indentation and scratch behavior of nano-SiO2/polycarbonate 
composite coating at the micro/nano-scale. Wear 269:21–25

Yahyaei H, Mohseni M (2013) Use of nanoindentation and nanoscratch experiments to reveal the 
mechanical behavior of sol–gel prepared nanocomposite films on polycarbonate. Tribol Int 
57:147–155

Yahyaei H, Mohseni M, Bastani S (2011) Using Taguchi experimental design to reveal the 
impact of parameters affecting the abrasion resistance of sol–gel based UV curable nanocom-
posite films on polycarbonate. J Sol-Gel Sci Technol 59:95–105

Yang ACM, Wu TW (1997) Wear and friction in glassy polymers: micro-scratch on blends of 
polystyrene and poly (2,6-dimethyl-1,4-phenylene oxide). J Polym Sci B: Polym Phys 
35:1295

Yari H, Moradian S, Tahmasebi N, Arefmanesh M (2012) The effect of weathering on tribologi-
cal properties of an acrylic melamine automotive nanocomposite. Tribol Lett 46:123



Part II
Contributions from Manufacturers



31

Abstract Development of PeakForce QNM® a new, powerful scanning probe 
microscopy (SPM) method for high resolution, nanoscale quantitative mapping of 
mechanical properties is described. Material properties such as elastic modulus, 
dissipation, adhesion, and deformation are mapped simultaneously with topogra-
phy at real imaging speeds with nanoscale resolution. PeakForce QNM has several 
distinct advantages over other SPM based methods for nanomechanical characteri-
zation including ease of use, unambiguous and quantitative material information, 
non-destructive to both tip and sample, and fast acquisition times. This chapter 
discusses the theory and operating principles of PeakForce QNM and applications 
to measure mechanical properties of a variety of materials ranging from polymer 
blends and films to single crystals and even cement paste.

1  Introduction

Since its invention in the early 1980’s, the field of scanning probe microscopy (SPM) 
and its most popular member, atomic force microscopy (AFM), have become a main 
nanoscale characterization tool. The heart of the AFM, in contrast to other electron 
or optical based microscopies, is a mechanical interaction between a very sharp 
silicon cantilever/tip assembly and the surface. Because the AFM tip mechanically 
interacts with or touches the surface, it provides unique potential for characterizing 
mechanical properties of materials and surfaces.

The development of TappingMode™ imaging in 1993 (Zhong et al. 1993) at 
Digital Instruments (now Bruker) was a key step forward in the functionality of 
SPM. In TappingMode the probe is vibrated near or at the resonant frequency of 
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the cantilever while it raster scans across the sample. The tip only contacts the 
surface for a small percentage of the time, keeping the tapping force low and the 
lateral forces negligible. Since the probe is oscillating, it experiences both attrac-
tive and repulsive forces depending on its position in the cycle in a way that is 
analogous to force curves. Consequently, TappingMode™ has the ability to gener-
ate high-quality data for a wide range of samples, making it the dominant imaging 
mode for most SPM applications over the last two decades.

The data types obtained from TappingMode™ SPM are primarily topography 
and phase. The phase of the TappingMode cantilever vibration relative to the drive 
is a useful indication of different mechanical properties. Unfortunately, the phase 
signal is a mixture of material properties, depending both on dissipative and con-
servative forces (Cleveland et al. 1998; Tamayo and Garcia 1997). Since elasticity, 
hardness, adhesion and energy dissipation all contribute to phase shift, using this 
single data channel to solve for multiple unknown variables can hardly be quanti-
tative. Additionally, the phase signal depends on imaging parameters such as drive 
amplitude, drive frequency, and set-point. This makes it difficult and sometimes 
impossible to interpret the source of the contrast, leaving the user to conclude 
that there are differences in the sample without further knowledge of contribut-
ing physical factors. Though qualitatively useful, the phase signal is a complicated 
convolution of multiple material properties, and therefore is prone to artifacts dur-
ing imaging and is unable to be related directly to material properties.

There are two other TappingMode-based modes that have recently gained popu-
larity: TappingMode while observing simultaneously a separate harmonic (integer 
multiple of the drive frequency) of the tapping drive (Sahin 2007), and tapping 
mode while observing simultaneously a higher cantilever eigen-mode (bimodal 

Fig. 1  Force curves and information that can be obtained from them: a Force versus tip sample 
separation including (B) jump-to-contact (C) PeakForce (D) Adhesion; b A “traditional” force 
curve measuring force versus z piezo position; c Force as a function of time including (B) jump-
to-contact (C) PeakForce (D) Adhesion; d Force versus time with small PeakForce

B. Pittenger et al
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AFM imaging) (Proksch 2006; Rodriguez and Garcia 2004). Single harmonic 
imaging depends on either special cantilevers or a lucky coincidence of an over-
tone with a harmonic, while bimodal AFM imaging adds a second frequency (usu-
ally at an overtone or higher eigen-mode of cantilever vibration) to the vibration 
driving the cantilever. Both of these techniques provide contrast that is analogous 
to phase contrast in that they do not fully separate the mechanical properties.

Perhaps the simplest measured interaction between the AFM tip and sample is 
a single point measurement where the tip is lowered into the surface, and the force 
exerted on the tip is measured as a function of the tip-sample distance. This kind of 
single point measurement is typically referred to as a “force curve” and lies at the 
heart of Peakforce Tapping and Peakforce Quantitative Nanomechanical Mapping 
(PeakForce QNM or PF-QNM) measurements recently developed by Bruker 
(Pittenger et al. 2010). In PeakForce tapping, the maximum force (or PeakForce, 
see Fig. 1) on the tip is controlled during the acquisition of the force curves. 
PeakForce QNM combines the control provided by PeakForce Tapping with the 
ability to extract quantitative material properties from the acquired force curves. As 
described in detail below, there are numerous advantages of PF-QNM over other 
nanomechanical measurement methods presently available. These advantages 
include unambiguous and quantitative measurement, ease of use, non-destructive 
to tip and sample, and high resolution property mapping. The rest of this chapter 
describes the PeakForce QNM capability and theoretical background, followed by 
applications to measure mechanical properties of a variety of materials.

2  Basis of QNM Measurements: Force Curves

Force curves are the basis of the PeakForce QNM technology. A typical force 
curve plots the force exerted on the tip as a function of tip-sample separation 
(Fig. 1a). Note that the x-axis here is tip-sample separation, as opposed to z-piezo 
modulation, another common form of plotting force curves.

When the tip is far from the surface (point A) there is little or no force on the tip. 
As the tip approaches the surface, the cantilever is pulled down toward the surface 
by attractive forces (usually van der Waals, electrostatics, or capillary forces) as rep-
resented by the negative force (below the horizontal axis). At point B, the attractive 
forces overcome the cantilever stiffness and the tip is pulled to the surface. The tip 
then stays on the surface and the force increases until the Z position of the modula-
tion reaches its bottom-most position at point C. This is where the peakforce occurs. 
The peakforce (force at point C) during the interaction period is controlled by the 
trigger value (traditional force curves) or the Force Setpoint (in PF-QNM). The 
probe then starts to withdraw and the force decreases until it reaches a minimum 
at point D. The adhesion is given by the force at this point. The point where the tip 
comes off the surface is called the pull-off point. This often coincides with the mini-
mum force. Once the tip has come off the surface, only long range forces affect the 
tip, so the force is very small or zero when the vibration is at its apex (point E).
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As mentioned previously, traditional AFM force curves are collected as a func-
tion of z piezo position, which then have to be translated to tip-sample separation. 
The corresponding force versus z piezo position is shown in Fig. 1b. The tip- 
sample separation is different from the Z position of the modulation since the can-
tilever bends.

It can also be useful to plot the force curve as a function of time, as shown in 
Fig. 1c. Here, the different points A-E are again labeled for a PF-QNM force curve 
on a silicon sample. The top (dashed) line represents the Z-position of the sinusoi-
dal modulation used in PFQNM as it goes through one period plotted as a function 
of time. The lower line (solid) represents the measured force on the probe during 
the approach of the tip to the sample (blue segment), while the red segment repre-
sents the force while the tip moves away from the sample. Since the modulation 
frequency is about 2 kHz in the current implementation, the time from point A to 
point E is about 0.5 ms.

As the system scans the tip across the sample, the feedback loop of the sys-
tem maintains the instantaneous force at point C—the peakforce—at a constant 
value by adjusting the extension of the Z piezo. Figure 1d illustrates an interest-
ing and unique challenge for peakforce control when imaging is done at a low 
peakforce. Here the controlled peakforce at point C is actually attractive. This can 
occur when the peakforce setpoint is small and the attractive forces are relatively 
large. Looking at the measured force in this plot, one might infer that the force 
at C is not the maximum force. In fact, the addition of the long range attractive 
forces cause the stress beneath the center of the probe tip to be compressive (and 
greater) at point C even though the measured force on the probe is less than that 
at point A. The small peak in the attractive background is caused by the repulsive 
force at the very apex point of the tip. The total interaction force is integrated over 
all of the tip atoms. While the tip apex atoms feel a repulsive force, the neighbor 
atoms, which consist of far more volume, can still be feeling an attractive force. 
This leads to a net negative force overall. Even when the peakforce is negative, 
Peakforce Tapping can recognize the local maximum and maintain control of the 
imaging process.

Once acquired, the force curves can be analyzed to determine a variety of 
properties of the material beneath the tip. These material properties include elas-
tic modulus, tip-sample adhesion, energy dissipation, and maximum deformation. 
The analysis of force curves to obtain these material properties is described in 
detail below.

One serious limitation to the utility of force curves has been the time needed 
to acquire a set of force curves over the entire surface since these force curves can 
only provide data at one point on the sample surface at a time.

The earliest mechanical property mapping with AFM was performed by force 
volume (Radmacher 1994), which is still often used to acquire quantitative nano-
mechanical data. Force volume collects force curves triggered by the same maxi-
mum repulsive force while scanning back and forth over the surface. Collecting a 
force volume image usually takes several hours because individual force curves 
generally take about a second to collect, and a map needs thousands of force 
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curves to be useful. Additionally, force volume imaging employs linear z ramp-
ing and requires discrete triggers at each ramps. In addition to slowing down the 
method, this results in a fairly aggressive tip-sample interaction where the tip hits 
the sample at full velocity, and turnaround at high speed results in ringing or hys-
teresis. This speed limitation was greatly improved by pulsed-force mode, which 
modulates the Z piezo at about 1 kHz, allowing property mapping in much shorter 
time. Pulsed-force mode (Rosa-Zeiser et al. 1997) is primarily used as a property 
mapping method with a trigger force of a few nanonewtons or more. Below one 
nanonewton, parasitic motion of the cantilever can dominate and cause feedback 
instability. As described below in the operational advantages section, Peakforce 
QNM is able to overcome these disadvantages.

Finally, extracting force curves from the high speed mode of TappingMode is 
impractical since resonant behavior of the probe also acts as a filter, preventing 
the ability to reconstruct the force curves with sufficient precision to extract quan-
titative mechanical information (Legleiter et al. 2006; Stark et al. 2002). In 2008, 

Fig. 2  Multilayer polymer optical film comparing results obtained with PeakForce QNM (a 
height, b adhesion, c dissipation, d deformation, e and f DMT modulus) and TappingMode Phase 
Imaging (g height, j and i phase) (10 μm scan size). The phase image in (h) was collected with 
an amplitude setpoint of 80 % of the free amplitude, while the amplitude setpoint for the phase 
image in (i) was 40 % (collected in two different scans). The plot in (f) is the modulus along the 
blue line in (e) from left to right. Note that the tapping phase result (h) is nearly identical to the 
PeakForce QNM Adhesion image (b)
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Veeco (now Bruker) released HarmoniX® as a solution to this problem. HarmoniX 
adds a second sensor with a much higher bandwidth by offsetting the tip and 
measuring the torsional signal (Sahin 2005, 2007; Sahin et al. 2007). This tech-
nique has been successful in resolving material components in complex polymeric 
systems. The downsides of this approach are that (1) it requires special probes (2) 
the operation of the technique can be complicated (especially in fluid), and (3) 
interpretation of the results is sometimes difficult.

PeakForce QNM is a new mode developed by Bruker that provides the capabili-
ties of HarmoniX without the complexity of operation and interpretation. In peak-
force QNM, the force curves are acquired at high speed and with high precision low 
force control. The force curves are then analyzed to obtain the properties of the sam-
ple (adhesion, modulus, deformation, and dissipation) and the information is sent to 
one of the image data channels while imaging continues at usual imaging speeds. A 
representative set of PeakForce QNM maps of a multilayer polymer optical film is 
shown in the Fig. 2a–f where the various channels are shown for  PeakForce QNM 
height (Fig. 2a), adhesion (Fig. 2b), dissipation (Fig. 2c), deformation (Fig. 2d), and 
DMT modulus (Fig. 2e, f). The result is images that contain maps of material prop-
erties (false colored with a user selectable color table) collected in real time.

Since the system can acquire up to eight channels at once, it is possible to map 
all of the currently calculated properties in a single pass. Offline analysis functions 
can calculate statistics of the mechanical properties of different regions and sec-
tions through the data to show the spatial distribution of the properties.

3  Operational Advantages of Peakforce QNM

PeakForce QNM operates with Peakforce Tapping where the maximum force (or 
Peakforce, point C in Fig. 1c) on the tip is controlled during the acquisition of the 
force curves. This is in contrast to conventional TappingMode, where the system 
keeps the cantilever vibration amplitude constant as the tip is raster scanned on 
the surface and does not involve force curve acquisition. The combination of the 
control of Peakforce Tapping with the ability to extract quantitative material prop-
erties from the acquired force curves provides a number of operational advantages 
for Peakforce QNM.

3.1  User Friendly Technique

Peakforce Tapping does not require any cantilever tuning like conventional 
TappingMode. Additionally, Peakforce Tapping enables Bruker’s ScanAsyst™ 
feature, which automatically adjusts the scanning parameters in real-time to opti-
mize the image and protect the probe and sample. This requires minimal interven-
tion from the user, and enables users from a wide variety of experience levels to 
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benefit from Peakforce Tapping (and PeakForce QNM). No special AFM cantile-
vers are required.

It is often interesting or necessary to image samples at real world conditions 
such as under fluid or at temperatures above or below ambient. PeakForce QNM 
works well in these environments, especially as it is not necessary to re-tune the 
cantilever when the temperature is changed or when changing from air to fluid 
operation. This is in contrast to conventional TappingMode™, where a temperature 
or fluid environment change changes the cantilever environment, and thus its reso-
nant frequency and Q, thereby requiring a retune. With Peakforce Tapping, the sys-
tem is not being driven at the cantilever resonance, so it is not sensitive to changes 
in probe resonant frequency and Q. By operating at a frequency far below the reso-
nance, Peakforce Tapping removes the complex resonant dynamics and replaces it 
with simple and stable feedback on the peakforce. Furthermore, Peakforce Tapping 
can achieve equal or better force control than TappingMode imaging in all the 
environments by using broad range of cantilevers, making high quality imaging 
much easier to achieve with this control mode. Finally, the lack of a need for spe-
cial probes means that PeakForce QNM can be used with other techniques that do 
require special probes such as Nanoscale Thermal Analysis with VITA.

3.2  High-Resolution Mapping of Mechanical Properties

Scanning speeds and number of pixels in an image are similar to TappingMode. 
Analysis of force curve data is done on the fly, providing a map of multiple 
mechanical properties that has the same resolution as the height image. Sample 
deformation depths are limited to a few nanometers, minimizing the loss of resolu-
tion that can occur with larger tip-sample contact areas.

3.3  Non-Destructive to Tips and Samples

In scanning probe microscopy, there are two primary causes of tip and sample 
damage. Any lateral force that the tip exerts on the sample can cause the sample to 
tear (the tip plows through the sample). Likewise, lateral forces from a hard sam-
ple can cause the end of the tip to fracture and break off. Normal forces can also 
cause damage to both tip and sample. Even if there is not enough normal force to 
damage the sample, there can still be enough to deform the sample, increasing the 
contact area (and the effective probe size) and reducing the resolution of the scan.

Peakforce Tapping provides direct control of the maximum normal force of the 
sample, while eliminating lateral forces. This preserves both the tip and sample. 
By controlling the maximum force exerted on the tip during the force curve acqui-
sition of Peakforce QNM, the tip and sample are protected from damage while 
allowing the tip-sample contact area to be minimized.
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3.4  High Precision Force Control of Interaction Forces  
with Peakforce Tapping

Peakforce Tapping modulates the Z piezo in a similar fashion to force volume and 
pulse force mode. However, it can operate with interaction forces orders of mag-
nitude lower, i.e., piconewtons. Such high-precision force control is enabled by 
data pattern analysis within each interaction period. When the relative Z position 
between the probe and sample is modulated, various parasitic cantilever motions 
can occur. These motions include cantilever oscillation excited by the pull-off, as 
well as deflections triggered by harmonics of the piezo motion or viscous forces 
in air or fluid. The parasitic deflection (defined as the deflection signal variation 
when the tip is not interacting with the sample) limits the ability of pulsed force 
mode to operate with very low forces. Poor force control happens to be the most 
important factor in achieving high-resolution imaging and property measurements 
(see image of calcite crystal in Fig. 5). For example, if the tip end has 1 square 
nanometer area, 1 nanonewton force will lead to 1 gigapascal stress at the tip 
end, which is enough to break a silicon tip. To lower the stress below the frac-
ture stress of silicon, the control force needs to be no more than a few hundred 
piconewtons. For materials softer than silicon, the required controlling force is 
even lower.

During Peakforce Tapping operation, the parasitic deflection signal and its 
data pattern are analyzed by comparing the measured cantilever deflection during 
each modulation cycle with the cantilever deflection observed with the cantilever 
slightly out of contact. The signature of the interaction, in the shape of a “heart 
beat” signal, is extracted from the parasitic deflections. The “heart-beat” signal is 
the interaction force curve plotted in the time domain (see Fig. 1c). The feedback 
loop can choose any point in the force curve to control tip-sample interactions 
instantaneously. For Peakforce Tapping, the peak point in the repulsive interaction 
is automatically chosen as the control parameter, similar to the triggered level in 
force volume mapping.

In comparison, the feedback in all TappingMode techniques uses the near or at-
resonance amplitude as a control parameter. In a normal tapping control, the peak 
interaction force varies from a fraction of a nanonewton to tens of nanonewtons, 
depending on the operating amplitude, cantilever spring constant, and set point. 
Such interaction force is well controlled when cantilever oscillation is in a steady-
state over a single point. However, when the tip is scanning on a sample surface 
with varying material properties or topography the force is not constant. This occurs 
because the amplitude of oscillation is influenced by sample properties such as dis-
sipation as well as peakforce. For example, when scanning from an area with high 
dissipation to one of low dissipation on a flat sample, the piezo will extend in an 
attempt to keep the amplitude constant, causing the peakforce to increase. Changes 
in peakforce can also occur when scanning rough surfaces, where the amplitude 
error occurring at the sharp edges can correspond to interaction force one order of 
magnitude higher than that of a steady-state. Amplitude error incurred force is a 
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leading cause of tip damage. However, even with low amplitude error, damage can 
occur because the feedback is not directly controlling interaction force. In contrast, 
PeakForce Tapping directly controls the  PeakForce on the sample. This protects the 
tip and sample while maintaining excellent surface tracking.

3.5  Broad Range of Measurements

A major advantage of Peakforce Tapping is its broad operating force range due 
to its ability to use a wide range of cantilever probes in all environments. Using 
cantilevers with a spring constant between 0.3 and 300 N/m, the peakforce imag-
ing control is able to achieve force control from piconewtons to micronewtons. At 
the high force end, it coincides with traditional mechanical mapping techniques, 
namely force volume and pulse force mode, yet can generate quantitative data by 
fitting incoming force distance data various models in real-time. In the low force 
regime, it matches the interaction force achievable by extremely light tapping in 
TappingMode SPM, but with much improved stability and ease of use in all envi-
ronments. Piconewton force control is normally only possible in fluid imaging but 
now can also be applied in ambient imaging, achieving improved imaging quality 
and tip protection over even best practice TappingMode. With the proper choice of 
tip radius and cantilever spring constant; this force range can facilitate quantita-
tive characterization of nearly all materials, with modulus ranges from hydrogels 
to metals and semiconductors.

3.6  Unambiguous and Quantitative Data Over a Wide Range 
of Materials

Analysis of the entire force curve for each tap allows different properties to be 
independently measured. Since a wide selection of probes is available, it is pos-
sible to cover a very broad range of modulus or adhesion parameters while main-
taining excellent signal-to-noise ratios.

Figure 2 compares PeakForce QNM ( Fig. 2a–f) for a multilayer polymer sample 
with TappingMode phase images of the same area ( Fig. 2g–i). As mentioned above, 
phase imaging while qualitatively useful, is prone to imaging artifacts and compli-
cated interpretation. It is often assumed that the phase contrast is primarily caused by 
variations in sample modulus. The images are topography (Fig. 2g), tapping phase 
image collected at an amplitude setpoint of 80 % (Fig. 2h) and an amplitude set-
point of 40 % (Fig. 2i). Comparing Fig. 2e and ( Fig. 2h or i), it is clear that this is 
not true in this case. By tapping harder (reducing the amplitude setpoint), one would 
expect to deform the sample more, increasing the contribution of the modulus to the 
phase. However, in ( Fig. 2i) the relative contrast does not change significantly. The 
PeakForce QNM data ( Fig. 2b–e) shows that the phase signal is dominated by the 
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adhesion independent of tapping setpoint for this tip-sample interaction. It is easy 
to see that one must be very careful in interpreting phase results, even for qualitative 
use. The PeakForce QNM modulus channel (Fig. 2e), on the other hand, has unam-
biguous contrast that can be quantified, as shown in the section plot (Fig. 2f). The 
narrow strips have a modulus of about 300 MPa, while the wide ones have a modulus 
of about 100 MPa. The ability of  PeakForce QNM to measure elastic moduli com-
pares favorably with instrumented indentation as measured on a variety of polymer 
samples (Dokukin and Sokolov 2012; Young et al. 2011).

4  Extracting Quantitative Material Properties  
with PeakForce QNM

The foundation of material property mapping with PeakForce QNM is the ability 
of the system to acquire and analyze the individual force curves from each tap that 
occurs during the imaging process. To separate the contributions from different 
material properties and provide quantitative mechanical property information such 
as adhesion, modulus, dissipation, and deformation, it is necessary to measure the 
instantaneous force on the tip rather than a time-average of the force or dissipa-
tion over time, as is done in TappingMode Phase Imaging. This requires a force 
sensor that has a significantly higher bandwidth than the frequency of the periodic 
interactions. In Peakforce Tapping, the vibration frequency is intentionally chosen 
to be at a significantly lower (usually several decades lower) frequency than the 
cantilever resonant frequency, for example a few hundred Hz to several kHz. The 
force measurement bandwidth of a cantilever is approximately equal to the reso-
nant frequency of the fundamental bending mode used for force detection. As a 
result, a properly chosen Peakforce Tapping cantilever can respond to changes in 
instantaneous interaction force with an immediate deflection change.

As mentioned above, the force curve is usually converted to a force versus sep-
aration plot (see Fig. 1a) for fitting and further analysis. The separation, which is 
the negative of the deformation (sometimes called indentation depth), is obtained 
by adding the Z position of the piezo modulation to the cantilever deflection. A 
constant can be added to the separation to make it zero at the point of contact if 
the point of contact can be determined, but this is not required for many analyses. 
This process is the same as removing frame compliance in indentation measure-
ments. These force-separation curves are analogous to the load-indentation curves 
commonly used in nanoindentation.

The curves are then analyzed to obtain the properties of the sample (adhesion, 
modulus, deformation, and dissipation) and the information is sent to one of the image 
data channels while imaging continues at usual imaging speeds. The result is a set of 
images that contain maps of material properties along with the usual height image.

Figure 1a illustrates how common mechanical properties are extracted from 
calibrated force curves. Analysis of the force curves with other models is also pos-
sible by capturing raw force curve data with either the “High-Speed Data Capture” 
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(HSDC) function or the “Peakforce Capture” (PFC) capture mode. HSDC acquires 
all of the curves from a ~32 s period (providing about 64,000 raw force curves) 
from any time during scanning and can later be correlated with the analyzed data 
in the image. Peakforce Capture acquires a single curve for each pixel in an image. 
Depending on the scan rate and number of samples, there may be some averag-
ing of the force curve data. Either method allows users to recalculate properties 
using different models or parameters and apply their own models to the raw data 
to study more unusual materials and properties.

4.1  Elastic Modulus

To obtain the Young’s Modulus, the retract curve is fit (see the green line in 
Fig. 1a) using the Derjaguin–Muller–Toporov (DMT) model (Maugis 2000) show 
in Eq. 1:

F-Fadh is the force on the cantilever relative to the adhesion force, R is the tip 
end radius, and d-d0 is the deformation of the sample. The result of the fit is the 
reduced modulus E*. If the Poisson’s ratio is known, the software can use that 
information to calculate the Young’s Modulus of the sample (Es). This is related to 
the sample modulus by the Eq. 2:

We assume that the tip modulus Etip is infinite, and calculate the sample mod-
ulus using the sample Poisson’s Ratio (which must be entered by the user into 
the NanoScope® “Cantilever Parameters.”) The Poisson’s ratio generally ranges 
between about 0.2 and 0.5 (perfectly incompressible) giving a difference between 
the reduced modulus and the sample modulus between 4 and 25 %. Since the 
Poisson’s ratio is not generally accurately known, many publications report only 
the reduced modulus. Entering zero for the parameter will cause the system to 
return the reduced modulus. Models for force curve fitting are also incorporated 
into the offline analysis including the Hertz and a conical Sneddon model.

PeakForce QNM provides quantitative modulus results over the range of 
700 kPa to 70 GPa provided the appropriate probe is selected and calibrated and 
provided that the DMT model is appropriate. While calibration is still a several 
step process, it has been made significantly easier than HarmoniX calibration by 
eliminating several steps and by automating the calculation of several parameters. 
An experienced user can complete a calibration in less than ten minutes.

Figure 3 demonstrates that this works for a wide range of materials from polydi-
methylsiloxanes to Silica. The data in Fig. 3 was collected with a set of probes that 
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were selected to have the most accuracy over a range of modulus. Data has also 
been collected on a range of polymers from LDPE (modulus 200 MPa) to PMMA 
(modulus 4.8 GPa) (Young et al. 2011). Figure 4 lists the probe types used and 
gives the approximate modulus range for each probe type. The data in Fig. 4 was 
acquired on homogeneous samples and the system was calibrated by independently 
measuring the tip radius, spring constant (the “absolute method”).

If the DMT model is not appropriate, the modulus map will still return the fit 
result, but it will be only qualitative. Some cases where the DMT model are not 
appropriate include those where the tip-sample geometry is not approximated by 
a hard sphere (the tip) contacting an elastic plane, cases where mechanisms of 
deformation other than elastic deformation are active during the retracting part 
of the curve (at these time scales), and cases where the sample is confined ver-
tically or laterally by surrounding material (close enough to effect the strain in 
the deformed region). If this is suspected, High Speed Data Capture or Peakforce 
Capture can acquire the individual force curves across a section of interest to 
examine the force curves directly and potentially apply more advanced fitting 
models. Additionally, the analysis software supplies a Matlab portal to simplify 
the reading of force curves or data into Matlab for customized analysis.

PeakForce QNM can be quite repeatable if care is taken in the calibration pro-
cess. Recent experiments on homogeneous samples where the absolute method 
(discussed below) was used measure samples in a range between 1 and 400 MPa 
ten times each (with different probes) resulted in a relative standard deviation of 
less than 25 % for all samples. If the goal is to discriminate between components 
in a multi-component system where the modulus of one component is known, the 

Fig. 3  Plot of measured modulus versus expected Young’s modulus (from the literature, except 
LDPE and PS film which are from SPM nanoindentation). Multiple probes were used with dif-
ferent spring constants to cover the entire range. Each probe was individually calibrated using the 
absolute method
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modulus noise level is more illuminating. For the measurements in the study, the 
relative standard deviation in a single image was never more than 6 %.

4.2  Adhesion

The second mechanical property acquired in the mapping is the adhesion force, 
illustrated by the minimum force in Fig. 1a. The source of the adhesion force 
can be any attractive force between the tip and sample. In air, van der Waals, 
electrostatics, and forces due to the formation of a capillary meniscus can all 
contribute with the relative strengths of the contributions depending on such 
parameters as Hammaker constants, surface charges, and hydrophilicity. For 
example, if either sample or the probe surface is hydrophilic, a capillary meniscus 
will typically form, leading to higher adhesion that extends nanometers beyond 
the surface. For polymers in which the long molecules serve as a meniscus, the 
adhesion can extend tens of nanometers beyond the surface. The adhesion typi-
cally increases with increasing probe end radius. Simple models based on surface 
energy arguments predict the adhesion to be proportional to the tip end radius, 
but recent investigations show that this is an oversimplification for real SPM tips 
(Israelachvili 1992; Thoreson et al. 2006). The area below the zero force reference 
(the horizontal line in the force curve) and above the withdrawing curve is referred 
to as “the work of adhesion.” The energy dissipation is dominated by work of 
adhesion if the peakforce set point is chosen such that the non-elastic deformation 

Fig. 4  Modulus ranges covered by various probes. The modulus of the reference sample for 
each range is also indicated



44 B. Pittenger et al

area (the hysteresis above the zero force reference) in the loading–unloading curve 
is negligible compared to the work of adhesion (Rosa-Zeiser et al. 1997).

Adhesion force becomes a more meaningful and important quantity if the tip is 
functionalized. In this case, the amount of adhesion reflects the chemical interac-
tion between specific molecules on the tip and sample. The adhesion map in this 
case carries the chemical information.

4.3  Dissipation

Energy dissipation is given by the Force times the velocity integrated over one 
period of the vibration (represented by the gold area in the Fig. 1a) as in Eq. 3:

where W represents energy dissipated in a cycle of interaction. F is the interac-
tion force vector and dZ is the displacement vector. Because the velocity reverses 
its direction in each half cycle, the integration is zero if the loading and unload-
ing curves coincide. For pure elastic deformation there is no hysteresis between 
the repulsive parts of the loading–unloading curve, corresponding to very low dis-
sipation. In this case the work of adhesion becomes the dominant contributor to 
energy dissipation. Energy dissipated is presented in electron volts as the mechani-
cal energy lost per tapping cycle.

4.4  Deformation

The fourth property is the maximum deformation, defined as the penetration of the 
tip into the surface at the peakforce, after subtracting cantilever compliance. As the 
load on the sample under the tip increases, the deformation also increases, reach-
ing a maximum at the peakforce. Because the measured deformation is based on 
the approach curve, it includes both elastic and plastic contributions. With known 
tip shape and contact area, this parameter can also be converted to the hardness 
(although this is usually only applied in cases where the dominant deformation 
mechanism is plastic deformation). Maximum sample deformation is calculated 
from the difference in separation from a point where the force is near zero (con-
trolled by parameter “Deformation Fit Region”) to the peakforce point along the 
approach curve (see Fig. 1a). There may be some error in this measurement due to 
the fact that the tip first contacts the surface at the jump-to-contact point (Fig. 1a, 
point B) rather than at the zero crossing (actual deformations are usually larger 
than the reported value).

(3)W =
∫

�F · d �Z =
∫ T

0

�F · �vdt
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5  Practical Applications

5.1  Atomic Resolution of Calcite Crystal

The ability of Peakforce QNM to achieve atomic resolution while simultaneously 
providing maps of properties derived from the individual force interactions in real-
time is shown in the images shown in Fig. 5. Both topography (a) and modulus 
(b) channels are shown of a single step in a calcite crystal under fluid. Calcite is 
known to be rhombohedral and belongs to the R3(bar)c space group (Rode et al. 
2009). The cleavage planes are (1 0 1 bar 4) planes and the height image shows the 
topography of the protruding oxygen atoms with a difference in height between 
the plane on the upper right and the upper plane on the lower left of about 300 pm 
as expected. Unexpectedly, the DMTModulus image (b) shows that alternate rows 
of atoms have significantly increased contact stiffness (blue circles mark the posi-
tions of the oxygen atoms in the height image). The stiffer rows switch with the 
less stiff rows when crossing over the step. More work must be done to understand 
the source of this variation in modulus, but it seems likely that it arises due to the 
interaction of the partially ordered water near the surface and the calcite lattice 
itself. While the concept of modulus breaks down at the level of individual atoms, 
we can still use the map to learn about the qualitative stiffness of different posi-
tions on the surface. Additionally, force curves can be collected at each atomic site 
using HSDC or Peakforce Capture to study the interaction in more detail.

Fig. 5  a height and b 
modulus images of atomic 
resolution of a calcite step 
under fluid. a shows the 
topography of the protruding 
oxygen atoms b DMT 
modulus image shows that 
alternate rows of atoms 
have significantly increased 
contact stiffness (blue circles 
mark the positions of the 
oxygen atoms in the height 
image). The stiffer rows 
switch when crossing over 
the step. Data collected 
in collaboration with Dr. 
Daniel Ebeling, University of 
Maryland
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5.2  Thermal Transitions in a Polymer Blend

Peakforce QNM is used to image a blend of syndiotactic polypropylene (sPP) 
and polyethylene oxide (PEO) in Fig. 6, where the blend was exposed to 2 dif-
ferent heating–cooling cycles. The initial state of the blend (at 25C) is observed 
in (a). In the first heating cycle, the temperature was initially raised (60 °C) so 
that only the PEO-matrix melted (b). The temperature was then allowed to rap-
idly dropped, causing quick crystallization of the PEO (c). One can see that the 
PEO topography underwent minor changes compared to the initial morphology 

Fig. 6  Cycle of heating and cooling of polymer blend of syndiotactic polypropylene and poly-
ethylene oxide. Images a–f shows height of the surface during the process, while g–i shows the 
modulus of frames d–f respectively
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(a). This demonstrates the so-called “memory” effect of fast cooling, where the 
original crystallization nuclei are still active even though polymer appears to be 
totally melted.

During the second heating–cooling cycle, the temperature was lowered more 
gradually. Figure 6e shows abrupt transition from melt to solid state 1/3 of the way 
from the frame bottom (the system was scanning up the frame at the time). It’s 
worth noting that, in this case, the PEO morphology becomes completely different 
from the original morphology in (a), indicating reorientation of the lamellae from 
an edge-up state to a flat-up state (f). The images in (g–i) are modulus maps cor-
responding to the second crystallization cycle. Based on topography in the upper 
portion of (e) the PEO appears to be completely crystallized, but looking at the 
corresponding modulus map in (h), it is clear that this is not the case—there is 
a soft (dark) area just to the right of the center of the image disappears when the 
sample has fully crystallized (i).

As described above, the ease of conducting this experiment at a variety of 
temperatures is a feature of PeakForce QNM. If this experiment were done in 
TappingMode™, it would be necessary to adjust drive amplitude and frequency 
several times during each heating–cooling cycle (generally this is done just before 
collecting an image if the temperature has changed by more than about 10 °C). 
As long as the laser reflection stays on the photodetector, the imaging can pro-
ceed continuously and without adjustment during any experiment involving sam-
ple heating and cooling (note: for quantitative results, some recalibration will be 
required if the laser spot moves significantly).

5.3  High Resolution Features in Bottle-Brush Molecules

Large polymer macromolecules have been an interesting but challenging sam-
ple for SPM since the 1990s (Magonov et al. 2005). One example of this class of 
molecule is the Poly (butyl acrylate) (PBA) bottle-brush molecule (Sheiko et al. 
2008). This molecule has a long backbone with many short, flexible side chains. 
The conformation and physical properties of these molecules are controlled by a 
competition between steric repulsion of densely grafted side chains (brushes) with 
and attractive forces between the brushes and the substrate. They can be either 
flexible or stiff, depending on the grafting density and the length of side chains. 
Molecules can switch their conformation in response to alterations in surround-
ing environment: surface pressure, temperature, humidity, pH, ionic strength, and 
other external stimuli. Molecular brushes are a very informative model system for 
experimental studies of polymer properties.

Figure 7 shows a set of images collected on PBA using PeakForce QNM. 
In the height image Fig. 7a the backbone is clearly visible both as a long iso-
lated molecule and as a folded set of molecules (a molecular ensemble). In the 
modulus map (Fig. 7b) the very soft (dark) backbones are surrounded by an 
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area that is slightly stiffer, presumably where the short side chains are present. 
Figure 7e is a histogram showing the relative frequency of various modulus 
values in the image. The peak at 62 MPa is from the background (mica cov-
ered by low molecular weight amorphous polymer). The region given by the 
red square in Fig. 7b shows two peaks in the modulus of the molecular ensem-
ble—one at about 25 MPa corresponding to the backbone of the chains, and 
one at about 32 MPa corresponding to the surrounding region filled with short 
brushes. These numbers are not expected to be quantitative since the molecules 
are small in comparison to the tip and the deformation of the sample. However, 
even though the DMT model is not appropriate in this case, the qualitative 
interpretation that darker regions are softer than the brighter regions leads to 
the speculation that the polymer backbones are being partially supported by the 
short side chains.

In the adhesion image (Fig. 7c); the background appears dark with very little 
adhesion as indicated in the adhesion histogram (Fig. 7f) by the peak at 0.47 nN. 
The histogram also has three other peaks: the backbones at about 0.63 nN, 
the brushes of single molecules at about 0.71 nN, and the brushes of molecular 

Fig. 7  Poly(butyl acrylate) brush-like macromolecules and molecular ensembles on a mica sub-
strate. a Height; b modulus; c adhesion; d histogram of modulus map; e histogram of area within 
red box in modulus map; f histogram of adhesion map. Sample was imaged with a MultiMode 8 
using PeakForce QNM with a scan size of 500 nm. Sample courtesy of Sergei Sheiko (University 
of North Carolina, Chapel Hill) and Krzysztof Matyjaszewski (Carnegie Mellon University, 
Pittsburg)
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ensembles at about 0.8 nN. The greater adhesion for the molecular ensembles is 
likely due to the greater number of brushes available to bind with the tip in those 
regions.

5.4  Discriminating Domains in Cement Paste

PeakForce QNM was used to characterize the nanomechanical properties of hard-
ened cement paste. This material is significantly harder than the other applications 

Fig. 8  a PeakForce QNM maps of cement paste showing from top left, clockwise topography, 
adhesion, DMT modulus, and deformation. b DMT modulus map thresholded to identify the 
chemically different domains observed in the EDS images. c DMT modulus map with further 
thresholding to discriminate between various calcium hydroxide domains due to orientation. 
Reprinted with permission from (Trtik et al. 2012)
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described above, with modulus of up to ~100 GPa. In addition, nanomechanical 
characterization of cementitious materials is typically done with nanoindentation 
but it suffers from challenges of surface roughness, volume effects from nanoin-
dentor tip interaction volumes, and the need for a statistically large number of 
samples to get meaningful representation of the mechanical properties. Peakforce 
QNM is able to circumvent many of these challenges due to its high resolution, 
use of a significantly smaller tip, and fast acquisition speed where a large number 
of data points can be collected quickly.

The cement paste was initially characterized by SEM (Trtik et al. 2012). SEM 
show excellent resolution but poor contrast between domains and no easy way to 
identify components. EDS provides chemical information on the different com-
ponents of the sample, but the information is at low spatial resolution. By com-
bining mechanical data collected by PeakForce QNM (Fig. 8) with elemental 
data from EDS (not shown), a complete picture of the various domains emerges. 
Figure 8a shows the various channels obtained from Peakforce QNM including 
topography (top left), adhesion (top right), deformation (bottom left), and DMT-
Modulus (bottom right). Figure 8b shows the PeakForce QNM modulus map 
thresholded to identify the chemically different regions observed in the EDS 
image. The light gray domains are calcium hydroxide, while the white domain 
is unhydrated. The dark gray background is other hydrates and the black domain 
is the epoxy filled pores. Figure 8c further thresholds the modulus map to show 
that some of the calcium hydroxide regions have different modulus from the oth-
ers, suggesting that the crystal orientation of the CH is different for the differ-
ent regions. The Peakforce QNM is the only method that is able to differentiate 
the various differently oriented domains of calcium hydroxide at this level of 
resolution.

6  Concluding Remarks

Peakforce QNM is a novel method that provides spatial maps of nanomechanical 
properties of surfaces including modulus, adhesion, deformation, and dissipation. 
This technique provides several important advantages over other available SPM 
methods including ease of use, unambiguous and quantitative material informa-
tion, non-destructive to both tip and sample, and high speed scanning. The basis of 
the Peakforce QNM method is force distance curves, which are analyzed directly 
with appropriate models, so that there is no ambiguity regarding the source of 
image contrast as often occurs in other techniques. Mechanical property maps are 
quantitative, low noise, and can span a wide range of property values. Applications 
of Peakforce QNM to measure properties of materials from single crystals to 
polymer materials to hardened cement paste are described. These capabilities of 
PeakForce QNM will provide researchers with critical material property informa-
tion to enable better understanding of materials at the nanoscale.
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Abstract In the last twenty years or so, the development of hard thin coatings has 
progressed to the state that hardness testing based on an instrumented technique has 
become very popular since for this application, the depth of penetration has to be kept 
within a small percentage of the overall coating thickness and the resulting impres-
sions are too small for an accurate traditional optical measurement. Despite the well-
known methods of analyzing instrumented indentation data, considerable problems 
arise when this test is applied to very hard materials. The underlying boundary con-
ditions for instrumented indentation analysis are often ignored by practitioners who 
are sometimes accepting of the results at face value, since often they provide a very 
pleasing and desirable estimation of hardness of their samples. This chapter reviews 
the essential features of instrumented indentation analysis and points out the signifi-
cance of those issues that can affect the computed values of both hardness and elas-
tic modulus. In particular, the significance of the geometry factor ε, the indenter area 
function, and the mean pressure elastic limit. These interrelated factors can conspire 
to increase the computed value of hardness by up to a factor of 2 if not properly taken 
into account. This chapter educates and informs the reader so that results of hardness 
for very hard materials may be properly interpreted when either viewed in the litera-
ture or obtained experimentally so as to avoid incorrect conclusions and results.

1  Introduction

Historically, hardness measurements were performed on metallic materials. Familiar 
terms such as Brinell, Vickers, Knoop, and Rockwell are often associated with test-
ing of metals in an engineering context. Modern instrumented methods of the meas-
urement of hardness are influenced by these early measurements. For example, the 
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face angle of a modern Berkovich indenter used in nanoindentation testing is made 
so that the ratio of the contact area to indentation depth is the same as that of a tradi-
tional four-sided Vickers indenter (Smith and Sandland 1922). The 136° face angle 
of a Vickers indenter, was made so that the indentation strain (a/R where a is the 
contact radius and R is the indenter radius) would be equivalent to that of a spheri-
cal (Wahlberg 1901), Brinell indenter at a/R = 0.2—a strain at which a fully devel-
oped plastic zone would be formed in a typical metal. The Brinell hardness number 
is favored by some engineers because of the existence of an empirical relationship 
between it and the ultimate tensile strength of the specimen material.

Nearly all the traditional methods mentioned above are based on an optical 
measurement of the size of a residual impression made in the specimen surface 
after the loading of an indenter placed in contact. That is, we measure how hard 
something is by touching it, not with our fingers, but with a carefully controlled 
force using a carefully shaped probe. A hard material will leave a smaller resid-
ual imprint in the surface compared to a softer surface. Hardness then, is really a 
measure of plastic yield—a circumstance first described by Hertz (1881, 1882) .

While it is sometimes useful to have a comparison with past measures of hard-
ness, we will see in this chapter that such a historical connection brings with it sev-
eral problems when the hardness of very hard materials is desired to be measured.

The testing of metals remains an extremely important application of hardness 
measurements, but it is the hardness of relatively thin coatings that has been given 
much more attention in the last 20 years as the application of hard coatings to engi-
neering products like cutting tools and hard-wearing surfaces has significant eco-
nomic benefits. Because hardness impressions made in a thin coatings are almost 
impossible to accurately measure using optical techniques, modern testing methods 
employ an instrumented indentation approach whereby the load is applied to the 
indenter, but the depth of penetration is measured (often to sub-nm resolution) and 
the area of contact determined from the known geometry of the indenter. The ulti-
mate aim of the modern hard coatings researcher is the production of a coating with 
hardness equal to or exceeding that of diamond—the hardest known material.

2  Contact Mechanics

Hertz’s original analysis of the mechanics of elastic contacts focused on those 
between glass lenses and has subsequently been applied to the contact between a 
spherical indenter and a flat semi-infinite surface. Hertz measured the area of con-
tact using impressions made in lamp black, a carbon film. For instrumented hard 
coatings hardness testing, it is best to use a sharp-tipped pyramidal indenter so as 
to induce plasticity in the material at the smallest possible load. The intention is to 
attain a depth of penetration low enough so that the readings are not influenced by 
the properties of the substrate. In this case, it is usual to treat the pyramidal indenter 
as an equivalent cone that has the same area to depth ratio as the original indenter 
to take advantage of symmetry of the problem in the mathematical analysis. The 
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equations of contact for a conical indenter are similar to the spherical case and the 
most common analytical solution (for elastic contact) is given by Sneddon (1948), 
where radius of circle of contact is related to the indenter load by Eq. 1:

In this formula, a is the radius of the circle of contact, α is the cone semi-angle, and 
E* is the combined elastic modulus of the indenter and the specimen given by Eq. 2:

where the subscript i refers to the properties of the indenter. The displacement profile of 
the deformed surface within the area of contact with respect to the specimen free surface 
is a function of the radial distance r from the axis of symmetry and is given by Eq. 3:

The quantity acot α is the depth of penetration hc measured at the circle of con-
tact. Substituting Eq. 1 into 3 with r = 0, we obtain Eq. 4:

where ht is the total depth of penetration of the tip of the indenter beneath the orig-
inal specimen free surface.

In general, contact between an indenter and a specimen may result in both elastic 
and plastic deformations. For a spherical indenter (and for conical indenters with a 
rounded tip) the contact is initially elastic. As the load is increased, the mean con-
tact pressure also increases as does the level of shear stress in the indentation stress 
field. Eventually plastic deformation occurs at the location of greatest shear (about 
0.5a below the contact surface). If the mean contact pressure is plotted against the 
ratio a/R (where R is the indenter radius), then it is observed that there is a linear 
region followed by a plateau at which the mean contact pressure shows no increase 
with increasing indenter load. When this happens, the plastic zone is said to be 
“fully developed”. The indentation hardness is defined as the mean contact pres-
sure for the condition of a fully developed plastic zone and is computed from the 
load Pmax divided by the projected area of the contact A (Eq. 5):

For an ideal conical indenter, the contact has the property of geometrical similarity 
and the mean contact pressure is independent of load since the plastic zone is fully 
developed from the moment of first contact. In practice, conical and pyramidal indent-
ers are not perfectly sharp so there is usually some initial elastic response before the 
formation of a fully developed plastic zone, even for very soft materials. This behavior 
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places a limit on the measurement of hardness for very thin films and near surface 
regions of materials since the load needs to be large enough to induce full plasticity, 
yet no so large so as to cause an undesired depth of penetration into the sample.

In a typical hardness test, the loading part of the cycle consists of both elastic 
and plastic deformations. During unloading, the contact is usually entirely elastic, 
and so the equations of contact above can be used even in the presence of the plas-
tic zone under the indenter, because it is only the elastic strains that relax with the 
plastic zone somewhat frozen in place.

The most well known method of analyzing indentation data is that of Oliver 
and Pharr (1992). In this method, the pyramidal indenter is represented by an 
equivalent cone and Sneddon’s equations above used on the elastic unloading part 
of the indentation process. Making use of Eq. 2 at r = a, it is relatively straightfor-
ward to calculate the contact depth hc from Eq. 6:

where Pmax (the maximum load) and dP/dh (the contact stiffness) are experimen-
tally measured quantities. The square-bracketed term in Eq. 6 evaluates to 0.727 
but it is common practice to use a value of 0.75 since this takes into account the 
upward curvature of the residual impression during unloading.

It is possible to also determine the elastic modulus of the specimen material. 
The elastic modulus is found from the contact stiffness. The derivative of Eq. 4 
with respect to h is:

With some rearrangement, and substitution involving Eqs. 1 and 3, it can be 
shown that:

where A is the area of contact at full load as determined from hc. Note that the 
method given above does not require any direct measurement of the size of the 
contact area. In conventional hardness tests, it is the size of the residual impression 
that is measured. In instrumented, or depth-sensing, nanoindentation tests, it is the 
size of the contact under full load that is computed.

3  Instrument Corrections

The application of contact mechanics to indentation tests is now fairly routine, and 
it is possible to measure elastic moduli and hardness for a wide range of materials 
from soft biological materials to metals and ceramics. The scale over which these 
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properties can be measured depends very much on the nature of the indenter. If we 
wish to measure the hardness of a specimen, we do not want plastic deformation 
to occur in the indenter, and so for this reason, the majority of indenters used in 
indentation testing area made from diamond. Diamond is the hardest known mate-
rial with a hardness of about 110 GPa. We might well ask, what happens in the 
case where the specimen is as hard as diamond. Can we still measure E and H 
reliably?

To answer this question, it is perhaps best to perform an experiment on a mate-
rial whose properties are known and then determining if the results of the above 
analysis provide realistic results. The number of materials with hardness approach-
ing that of diamond is very limited and the reported measurements are not always 
supported. A very good test of the method would be to perform an indentation test 
on a specimen of diamond, using a diamond indenter.

Performing such testing requires significantly more attention to the various 
corrections made to the raw experimental data than is usually the case. There are 
three main corrections to consider—the initial penetration, the instrument compli-
ance, and the indenter area function.

The initial penetration correction is applied as a constant initial indentation 
depth into the sample made at the initial contact force. This is required because it 
is at the initial contact force that the depth sensor is zeroed. But by necessity, the 
initial contact force results in the indenter penetrating the specimen surface, and it 
is this initial penetration that must be determined and added to subsequent depth 
readings so that the depth datum is at the original free surface. While some instru-
ments expect the user to determine the contact point graphically by eye, the most 
subjective method is to fit the Hertzian elastic equations of contact to this initial 
data (usually assumed to be elastic by virtue of the tip rounding). The method of 
fitting is described in detail in (Fischer-Cripps et al. 2001). It is essentially a least 
squares power law fit to the initial contact data to yield a value of the initial pen-
etration hi. Thus, the corrected depth h′, for subsequent depth readings, is (Eq. 9):

The depth measuring system of a typical instrumented indentation hardness 
tester registers the depth of penetration of the indenter into the specimen and 
also any displacements of the load frame arising from reaction forces during the 
application of load to the indenter. These displacements are proportional to the 
load. Thus, the unloading stiffness dP/dh has contributions from both the elastic 
responses of the specimen and the instrument. The contribution from the instru-
ment includes the compliance of the loading frame, the indenter shaft, and the 
specimen mount. If not corrected for, the compliance of the indenter material is 
included in the composite modulus E*.

The value of the instrument compliance Cf (typical units μm/mN) can be esti-
mated by an analysis of the area function data (see below). Once obtained, a cor-
rection may be made to the indentation depths h′ (already corrected for initial 
contact) to give a further corrected depth h″ according to (Eq. 10):

(9)h′ = h + hi

(10)h′′ = h′ − Cf P
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It is the application of the elastic equations of contact to the unloading data that 
ultimately provides the value of the contact depth hc, and hence the area of contact. 
These equations (Eqs. 6, 7 and 8 above) assume that the indenter itself has the ideal 
shape of an atomically sharp three sided (in the case of a Berkovich indenter) or four-
sided (for a Vickers indenter) pyramid. Of course in practice, such an indenter can-
not be manufacturer and so there is by practical necessity a finite tip radius. Further, 
the indenter itself may contain irregularities in its surface arising from the polish-
ing and some error in the nominal face angle. To account for these departures from 
the idea shape, a table or an equation called the area function is usually measured 
for each individual indenter used in indentation testing. The data for the area func-
tion is usually obtained by a reverse analysis of the equations of contact whereby the 
known value of elastic modulus for a standard specimen is used as an input and the 
tip geometry calculated accordingly. For sharp-tipped indenters, it is the tip radius 
that determines the minimum depth whereby a fully developed plastic zone may be 
induced in the specimen material and so provide a reliable measurement of hardness.

The area correction is not applied as a correction to the depth readings, but 
instead is incorporated as a correction to the contact area as a ratio A/Ai where for a 
value of contact depth hc, A is the measured contact area (Fig. 1), and Ai is the ideal 
contact area so that the hardness and elastic modulus are given by Eqs. 11 and 12.
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Fig. 1  Schematic of the significance of the area function for real indenters used in indentation 
testing. The ideal area Ai is that which should be obtained for a given depth of penetration if 
the indenter geometry were ideal, while the actual area A is that actually obtained with a real 
indenter with a finite tip radius



59Measurement of Hardness of Very Hard Materials 

The above corrections apply to nearly any indentation test data taken with a 
conventional depth sensing nanoindentation test instrument. The important point 
to note is that the greater the elastic modulus of the specimen, the greater the sig-
nificance of the compliance correction because in these cases, the frame compli-
ance makes a greater contribution to the overall contact stiffness compared to that 
obtained on a less stiff material.

The act of making an indentation into a very hard material may cause the 
indenter tip to become blunt during the actual test and so the area function usually 
has to be measured after testing on the very hard specimen material—preferably 
after several tests, so that the tip radius may become stabilized.

4  Measurement of Hardness of Very Hard Materials

The sharpness of an indenter tip is essentially its capacity to produce a fully 
formed plastic zone in the specimen material since this is the primary condition 
for measurement of hardness. For elastic contact with a conical indenter, the mean 
contact pressure is given by Eq. 13:

and is independent of load due to the geometrical similarity of this type of indenter 
geometry. The significance of this is that in real materials—where indentation plastic-
ity occurs, the mean contact pressure is limited to the hardness value H. However, if 
the combination of E* and the angle α are such that the mean contact pressure given 
by Eq. 13 falls below the specified hardness value H, then the contact is entirely elas-
tic (Caw 1969). This then places a limit on the combination of E* and indenter angle 
that may be used for the measurement of hardness of very hard materials.

For a measurement of hardness, we require a fully formed plastic zone. In 
order to obtain a fully developed plastic zone, we require the limiting value of 
mean contact pressure pm for an elastic contact as given by Eq. 13 to be equal to 
or greater than H. For the case of fused silica, we can take representative values of 
E* = 69.7 α = 70.3° and to obtain a limiting value of pm = 12.5 GPa. Since the 
hardness of fused silica is about 9.5 GPa, we can conclude that a perfectly formed 
diamond Berkovich indenter will reliably measure the hardness of this material. 
Much the same calculation can be made for other materials. For example, sap-
phire has a hardness of about 28 GPa (unannealed state) and an elastic modulus of 
about 450 GPa. Equation 13 shows that the critical value of mean contact pressure 
and the critical angle becomes larger with increasing values of E*. This means 
that the usefulness of a particular indenter in measuring hardness (i.e. the effec-
tive sharpness) depends upon the material being tested. With sapphire, an indenter 
is conceptually “sharper” when used with sapphire than with fused silica due to 
the modifying effect of the much larger value of elastic modulus of sapphire in 
Eq. 13. The higher value of hardness for sapphire compared to fused silica tends to 

(13)pm =
E∗

2
cot α
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increase the plastic depth but it is the far greater elastic modulus that dominates in 
this case and causes it to be reduced.

When a sample of diamond is tested, we find that due to the very high elas-
tic modulus of diamond (≈1,140 GPa) a reasonably used indenter can still be 
expected to provide realistic values of hardness because the limiting mean contact 
pressure becomes 105 GPa which is similar to the expected hardness for this mate-
rial of about 110 GPa.

Figure 2 shows the indentation curve obtained on a sample of industrial dia-
mond indented with a Berkovich indenter to a load of 200 mN. This results in a 
depth of penetration of 396 nm. Note that the response is nearly completely elas-
tic, but since the unloading curve is offset from the loading curve, plasticity is in 
evidence. After the data is corrected for initial penetration, instrument compliance 
and area function, the results of the unloading analysis yield a value of elastic 
modulus of 1,198 GPa and a hardness of 108.5 GPa. On the Vickers scale, this cor-
responds to HV = 10,262 kgf/mm2. The elastic limit for this material is expected 
to be about 105 GPa and this is why the contact appears so elastic in character—
we are at the limit of obtaining a reading of hardness with the 65.3° face angle of a 
Berkovich indenter.

For so-called ultra-hard nanocomposite coatings (Fischer-Cripps et al. 2012), we 
find that for an elastic modulus of about 450 GPa, the limiting contact pressure is 
of the order of about 65 GPa and so a standard Berkovich or Vickers indenter can-
not be expected to provide a mean contact pressure greater than this value, and any 
values of hardness quoted in excess of this should be treated with extreme caution.

It is important to note that the limiting value of mean contact pressure depends 
upon the indenter angle and the combined, or reduced, elastic modulus (Eq. 2) and 
so the figures mentioned above are all with respect to a diamond indenter. In order 

Fig. 2  Load-displacement 
curve for indentation into 
diamond with a diamond 
Berkovich indenter at 
200 mN
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to determine the limiting value of mean contact pressure, one has to first determine 
the combined elastic modulus of the indenter and specimen material, and then 
the equivalent cone angle (same area to depth ratio as the actual indenter—which 
more often than not, is of pyramidal geometry).

Although it appears that a Berkovich indenter may be used for measurement 
of hardness of nearly all materials, some headroom may be attained by use of a 
cube corner indenter—especially in situations where the limiting value of mean 
contact pressure is about the same as that of the expected hardness of the mate-
rial. For fused silica, a diamond cube corner indenter (with an effective cone angle 
α = 42.3°) has a limiting value of mean contact pressure of 37.6 GPa. For sap-
phire (E = 450 GPa; E* = 340 GPa), the limiting mean contact pressure becomes 
about 187 GPa, while for diamond on diamond we reach a potential measurement 
of hardness of about 300 GPa with a cube corner indenter.

Researchers claiming hardness measurements in excess of the limiting value of 
mean contact pressure for a particular indenter and specimen material pair with a 
Vickers or Berkovich indenter would do well to verify their readings with a cube-
corner indenter.

5  Concluding Remarks

The instrumented indentation test method is very versatile and is conceptually 
very simple. Corrections to instrumented test data, such as the initial penetration, 
instrument compliance, and the indenter area function, are not usually consid-
ered in large scale hardness testing where optical measurements are usually taken. 
For small scale instrumented indentation testing, such issues become important, 
and when applied to the measurement of very hard, and very stiff specimens it is 
essential that they be correctly applied. An important consideration in the testing 
of very hard materials is the elastic limit imposed by the combined elastic mod-
ulus of the indenter and specimen E* and the angle of the indenter. Injudicious 
choice of indenter angle can result in measurements of hardness that are too low, 
and without knowledge of these matters, such a mistake can be easily overlooked.

It is hoped that by drawing attention to the particular items that require close atten-
tion in the indentation testing of very hard materials, this chapter might educate and 
inform the reader so that when such results are obtained, or found in the literature, a 
proper interpretation may be made so as to avoid incorrect conclusions and results.
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Abstract The ever-increasing popularity of nanomechanical testing is being 
accompanied by the development of more and more novel test techniques and adap-
tation of existing techniques to work in increasingly environmentally challenging 
test conditions. Considerable progress has been made and reliable mechanical prop-
erties of materials can now be obtained at a range of temperature and surrounding 
media, greatly aiding development for operation under these environmental condi-
tions. In this chapter several of these developments are reviewed, focussing on their 
use in the non-ambient nanomechanical testing of polymers and nanocomposites.

1  Introduction

Applications of nanomechanical testing are continually increasing, including for 
example, characterizing the mechanical properties of advanced materials and systems 
such as micro/nano-mechanical devices (Beake et al. 2009), hard coatings for engi-
neering tools, thin films in semiconductor (Beake and Lau 2005), advanced polymers 
(Kranenburg et al. 2009; Chen et al. 2010; Beake et al. 2002a, b) and even biomedical 
tissues (Chen and Lu 2012; Mencik et al. 2009) etc. The successes can be attributed 
to three main advantages. Firstly, the technique has a high spatial resolution and depth 
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sensitivity. The obtained information is therefore highly localized within a particular 
area of interest with less influence from its surroundings, for example, in quantitative 
assessment of the properties of inclusions in metallic alloys. With the spatial resolu-
tion and repositioning accuracy down to submicron scale and better, highly detailed 
mechanical property mapping can be performed to optimize the materials or system 
under study, explaining why one early name of such instruments was a mechanical 
properties microprobe. Moreover, the depth sensitivity is sub-nanometer. Intrinsic 
mechanical properties of (ever thinner) thin films can be obtained by limiting the pen-
etration depth to avoid/minimise the influence of the substrate or sublayers. Secondly, 
the load and penetration depth are continuously recorded allowing investigation of 
basic mechanical properties (hardness and elastic modulus) (Fischer-Cripps 2006), 
time-dependent behavior (Kranenburg et al. 2009; Oyen 2007; Chen et al. 2010), 
phase transformations (Chinh et al. 2004), stress–strain behavior, fracture (Beake 
2005; Casellas et al. 2007) and fatigue behavior (Beake and Smith 2004). Finally, it 
is routine to schedule large arrays of test experiments to be run automatically over 
extended periods. Many properties such as hardness and elastic modulus can be cal-
culated without the necessity for post-test imaging, leading to high efficiency and 
throughput. The current generation of nanomechanical test instrumentation now 
can perform additional test techniques, such nanoscratch and nano-impact testing, 
alongside nanoindentation to provide enhanced capability in a single test instrument 
or platform. The information with the different tests is quite complementary, e.g. 
nanoindentation to obtain the hardness and elastic modulus of elastic–plastic materi-
als, nanoscratch tests to evaluate their tribological performance and nano-impact to 
probe their dynamic high strain rate properties. Even compression or bending experi-
ments can be performed using the positioning accuracy and precise load control of 
the instrument to investigate elastic deformation, yield and fracture of suspended 
beams or micropillars.

Theoretical analyses of the relationship between contact load and displace-
ment for flat-punch, spherical, or conical indenters into a linear-elasticsolid were 
derived by Boussinesq (Johnson 1985), Hertz (Johnson 1985), and Sneddon 
(1965). Based on Sneddon’s work, Oliver and Pharr (Oliver and Pharr 1992) 
developed a simple method to obtain the elastic modulus and hardness using 
pyramidal indenters where the unloading behavior is assumed to be entirely elas-
tic. In this popular method it is assumed that no plastic deformation or continu-
ing creep deformation occurs during unloading. The results thus are well-suited 
for elastic–plastic materials. The slope of the unloading curve at any point is 
called the contact stiffness. In this analysis, the reduced modulus, Er, is calculated 
from the stiffness at the onset of the unloading S and the projected area of contact 
between the probe and the material Ac as Eq. 1:

where β is the correction factor for the shape of the indenter (whilst there is some 
debate, β is commonly taken as 1.034 for the Berkovich indenter geometry). 
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By careful calibration into a reference material of known elastic properties, the 
diamond area function can be determined relating the contact depth hc, to the 
projected contact area. The initial unloading slope S is obtained by fitting the 
unloading load–displacement response.

As elastic displacements occur both in the specimen and in the indenter (as the 
indenter is not completely rigid), the elastic modulus of the sample is calculated 
from Er using Eq. 2:

where E and Ei, ν and νi are the elastic modulus and the Poisson ratio of the tested 
material and indenter, respectively. For diamond indenters, Ei and νi are 1141 GPa 
and 0.07, respectively. The mean pressure or hardness, H, can be calculated as in 
Eq. 3:

where P is the applied load. The technique has also advanced to have its own ISO 
standard (14577, Parts 1–4) which identifies four key parameters—force, displace-
ment, instrument compliance, and indenter shape—that influence the quality of the 
results and provide the necessary methodology to accurately calibrate these. The 
indentation standard strictly applies to metallic and ceramic materials rather than 
polymers, although it does include provision for minimizing the influence of creep 
of metals or alloys on the accuracy of determinations of elastic modulus.

2  Nanomechanical Testing of Polymeric Materials

For polymeric materials, a similar approach to obtain Er and H can be carried 
out using the Oliver-Pharr method. However, it assumes the initial unloading is 
purely elastic which ignores the influence of continuing time-dependent deforma-
tion which is always present to some degree in the indentation response of poly-
meric materials. When the creep is particularly pronounced, a nose-shape can even 
appear during unloading as demonstrated in Fig. 1 that result in negative S and 
erroneous Er (Feng and Ngan 2002).

To counteract this, several methods were proposed in terms of the testing con-
ditions and the analysis. Firstly, the creep behaviour at the onset of the unloading 
is strongly influenced by the testing conditions, such as hold period (dwell time), 
peak force and loading rate etc. Selection of appropriate holding period, peak 
force and loading rate is important (Chudoba and Richter 2001). Additionally that 
the severity of the effects of the residual creep on the contact stiffness, S, is also a 
function of the unloading rate (Chudoba and Richter 2001; Feng and Ngan 2002). 
The higher unloading rate is favorable to minimize creep effects. Thus, there are 
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three ways to accommodate the influence of time-dependent deformation on the 
contact stiffness during the testing (Dasari et al. 2009), (a) increasing the unload-
ing rate, (b) a most common method of holding the indenter at maximum load for 
a long period of time resulting in a minimum residual creep rate comparing to the 
unloading rate, and (c) application of an oscillatory force or displacement signal 
to the tip-sample contact during nanoindentation and measurement of the result-
ant output signal and phase lag, which are used to obtain the contact stiffness and 
damping that are analysed to determine the viscoelastic properties of the material 
(loss and storage moduli, tan delta). This method is sometimes generally called 
dynamic indentation, or by the instrument manufacturers own terminology such 
as continuous stiffness measurement (Agilent), nanoDMA (Hysitron) or dynamic 
mechanical compliance testing (Micro Materials Ltd) etc. Despite its potential, 
in general good agreement between dynamic indentation and DMA has proved 
highly challenging for several reasons. Firstly, accurate dynamic calibration of the 
system is essential as extraction of the material properties requires analysis of the 

Fig. 1  Indentation load–
displacement curves for  
(a) elastic–plastic fused 
silica, and (b) visco-elastic–
plastic rubber material
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overall response, which includes the response of the test instrument, especially 
its damping behavior over the frequency range of interest (Singh et al. 2008). 
Secondly, reliable extraction of the loss and storage modulus relies on the applica-
tion of a suitable constitutive equation. For simplicity it is common to assume that 
the indentation contact can be treated as a linear viscoelastic (Monclus and Jennett 
2011), however, it is clear that when pointed (pyramidal, such as Berkovich) 
indenters are used there is often considerable residual plastic deformation of the 
polymer surface (Tweedie and Van Vliet 2006). Monclus and Jennett (2011) have 
critically examined the level of agreement between dynamic indentation and DMA 
and found poor agreement for a range of polymers, particularly in the loss modu-
lus. They have suggested that more complex models are required to successfully 
produce loss/viscosity parameters that are equivalent.

A different approach is to account for the creep effects simply by data analysis 
as proposed in references (Feng and Ngan 2002; Ngan and Tang 2002, 2009). They 
examined their theoretical model for both linear and power law viscoelastic materi-
als and this model has been shown good reliability for various polymeric materials 
according to the authors’ experience. This correction can be described as in Eq. 4

where S is the contact compliance, Su is the elastic contact stiffness at the onset of 
unloading, 

•
dc is the displacement derivative at the end of the hold period, and 
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is the unloading rate at the onset of unloading so that the standard contact stiffness 
equation (Eq. 1) is modified to Eq. 5

The mechanical properties (hardness and elastic modulus) of various poly-
meric materials like PVC, PMMA, PET, polypropylene (PP), polycarbonate 
(PC), poly(ethylene oxide) (PEO), poly(acrylic acid) (PAC), nylon 6, nylon 66, 
rubber, and so forth have been investigated using the nanoindentation technique 
(Kranenburg et al. 2009; Gray and Beake 2007; Gray et al. 2009; Dasari et al. 
2009; Beake et al. 2007). Unsurprisingly the results showed that their mechani-
cal properties are sensitive to the testing conditions including the contact force 
due to their low stiffness (Kaufman and Klapperich 2009) and peak force, loading 
rate, unloading rate and hold time due to their rate- and time-dependent properties 
(Kranenburg et al. 2009). Elastic modulus determinations on polymers are often 
slightly higher than determined in bulk compression testing, and usually increase 
as the scale of the contact is reduced (Tweedie et al. 2007).

The creep behavior of the polymers at the nano-/micro-scale is also of intrinsic 
interest. Several approaches thus have been developed to investigate the creep data 
collected during nanoindentation with mostly widely used assuming constitutive 
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models (Mencik et al. 2009; Oyen 2005) such as linear viscoelasticity with data 
fitted to 3-element (Maxwell or Kelvin-Voigt) (Fig. 2) or 4-element (combined 
Maxwell-Voigt) models.

The instantaneous elasticity, instantaneous plasticity, viscoelasticity and visco-
plasticity can be attributed to different physical elements. The creep compliance 
function is then deduced and the formula between the penetration depth and the 
applied load can be directly calculated using the Boltzmann integral operator. This 
methodology has been successfully to simulate the nanoindentation tests. The inter-
ested reader can find more details in the references  (Mencik et al. 2009; Oyen 2005, 
2006, 2007; Oyen and Cook 2009; Chen et al. 2010). Generally speaking, the accu-
racy of this method strongly depends on the number of the physical elements. In 
practice a better fit required more variables, which costs more in computation time 
and relies on a careful selection of the initial value to make the iteration converge.

A semi-empirical logarithmic method has also been used to analyze the dwell data 
collected at the hold period (Beake 2006; Berthoud et al. 1999; Chen et al. 2010). 
The logarithmic equation can be expressed as Eq. 6 Beake (2006); Chen et al. (2010)

where Δd and th are the increase in depth and hold time during hold period, A 
and τL are termed the extent parameter and the time constant, respectively. The 
creep strain (ε) can be termed as Δd/d(0) where d(0) is the initial depth at the hold 
period. A/d(0) (Beake 2006) or (εe/ε(0)) (Beake et al. 2007) is termed as the creep 
strain sensitivity.

The logarithmic equation has been found to closely fit short-time experimen-
tal indentation creep data of a wide range of polymeric materials under different 
testing conditions. The fitting is successful but only two variables—measures of 
extent A and rate τL—are used to describe the visco-deformation behavior. This 
method can be used not only for linear viscoelastic materials, but also non-linear 
viscoelastic materials, and with the quality of the fit it is possible to predict the 
creep response over a relatively long time. However, its limitations are that it is 
empirical and lacks explicit physical meaning. It is also not possible to deconvo-
lute the particular contributions of elasticity, plasticity, viscoelasticity and visco-
plasticity by this approach (Chen et al. 2010).

Similar works have been gradually carried out on the polymer nanocomposites, 
such as nylon 66/clay (Shen et al. 2004a, b), nylon 12/clay (Phang et al. 2005), 
epoxy/CNT (Li et al. 2004), nylon 6/CNT (Liu et al. 2004), photopolymer/SiO2 

(6)∆d = A ln

(

th

τL

+ 1

)

Fig. 2  Schematics of 
3-element Kelvin-Voigt 
model
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(Xu et al. 2004), acrylonitrile/butadinene/styrene (ABS) (Beake et al. 2002) and 
poly(ehylene oxide)(clay/PEO) (Beake et al. 2002) in recent years. The effects of 
the nano- and micro-scale fillers are a subject of increasing research. In general 
the resistance to indentation of these nanocomposites gradually increases with 
increasing filler loading although there are exceptions and the response is typically 
non-linear (Dasari et al. 2009).

These nanomechanical tests are normally carried out under ambient conditions 
that may not be particularly close to the actual working conditions in the applica-
tion. It is well known that the properties of polymeric materials are highly sensitive 
to the environment. For example, temperature can play an important role. A system 
may operate efficiently at one temperature and fail when the temperature is changed 
(Beake 2011; Chen et al. 2010; Everitt et al. 2011; Gray and Beake 2007). To 
address this problem, several approaches have been used to probe the surface proper-
ties of materials under conditions that mimic those which they experience in actual 
service. In the following sections, we will introduce these advanced nanomechanical 
test methods and their application on polymeric materials

3  Environmental Nanomechanical Testing  
of Polymeric Materials

3.1  Environmental Nanoindentation

3.1.1  Influence of Temperature

Obviously the test temperature can strongly influence the properties of polymeric mate-
rials. For example, amorphous polymers undergo a transition from a rubbery, viscous 
amorphous liquid, to a brittle, glassy amorphous solid. According to the viscoelastic-
ity theory, the time-depended properties of polymeric materials depended on the free 
volume available for molecular (segmental) motions (Beake 2006; Beake et al. 2007). 
When the temperature increase around the glass transition temperature (Tg) can create 
sufficient free volume to allow molecules to move relative to one another (Beake et al. 
2007). It follows that the creep behavior around Tg will be changed.

Beake et al. (2007); Beake (2006) used nanoindentation to systematically 
investigate the creep behavior of a range of polymer systems including polysty-
rene (PS), polypropylene (PP), polycarbonate (PC), polyethersulphone (PES), 
poly(methylmethacrylate) (PMMA), polytetrafluoroethylene (PTFE), poly(ethylene 
terephthalate) (PET), ultra-high molecular weight polyethylene (UHMWPE), low-
densitypolyethylene (LDPE), acrylonitrilebutadiene-styrene (ABS) copolymer, 
Santoprene® containing ethylene propylene diene monomer (EPDM), Surlyn® 8140, 
ethylene/methacrylic acid (E/MAA) copolymer. Their creep factors, such as strain 
rate sensitivity (εe/ε(0)) and creep rate term (εr = 1/time constant) calculated using 
the logarithmic Eq. (5) were investigated in terms of their numerical distance, y, 
from Tg which can be defined as Eq. (7):
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Therefore, negative y values correspond to rubber- or liquid-like behavior and 
positive y values to glassy behavior (Fig. 3).

The change of εr with y could be divided into three regions. Firstly, large nega-
tive values of y represent the liquid or rubbery region. This implies high vf values, 
consequently large chain mobility, and thus high creep rate εr. Another is at large 
positive y values. Polymers are glassy in this region and material brittleness and 
crack propagation are likely to be the dominant mechanisms of creep, especially 
for y > 50 K or so. In the middle of y range, there is a minimum of εr which could 
be attributed to restricted chain mobility and reduction in brittleness.

To further investigate the effects of temperature on the mechanical properties of 
polymers, non-ambient temperature tests at both high temperature and low temper-
ature were also carried out. The development of non-ambient temperature nanoin-
dentation can be traced back to 1996 when Suzuki and Ohmura (1996) developed 
a prototype high-temperature ultra-micro indentation apparatus capable of test-
ing up to 600 °C. However, the test sensitivity of in this prototype was affected by 
the high testing rates and temperature. Since then, many researchers have made 
improvements to both the instrumentation and the required experimental methodol-
ogy (Duan and Hodge 2009). Currently there are three main manufacturers of com-
mercially available systems capable of high temperature nanoindentation testing (1) 
Hysitron (2) Agilent (previously MTS NanoInstruments) and (3) Micro Materials. 
The latter’s NanoTest has proved popular for this application, with a survey of pub-
lished papers between 1996 and 2010 reporting around 60 % of published high tem-
perature nanoindentation reports were using it (Everitt et al. 2011). The proportion 
increased as the test temperature increases above 300 °C (Everitt et al. 2011). There 
are distinct differences in experimental configuration in the different instruments 
and these have a direct influence on both the stability and reliability of the test data 
and the peak temperatures reachable. The Hysitron and Agilent instruments have 

(7)y = Tg − Texper

Fig. 3  Creep rate as a 
function of y defined by  
Eq. (6) (Beake et al. 2007)
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a similar vertical loading setup. For example, the Hysitron triboindenter systems 
used a Peltier thermal element and a resistive heating element as the heating stage. 
The Peltier thermal element allows for a temperature range from −10 up to 120 °C 
and with the addition of the resistive element, this testing temperature could be 
expanded up to 200 °C. By the adoption of a liquid-cooled unit in the resistive heat-
ing element, the company has suggested that the temperature can extend to 400 °C 
(Hysitron 2012). However, a severe limitation of this setup is the use of sample-only 
heating, particularly for testing at >200 °C. Thermal equilibrium in the contact zone 
is achieved by holding for a long duration in contact prior to loading. The disadvan-
tage is that as the indentation progresses, it is necessarily involves contact between 
the colder indenter and the hotter sample.

In the Micro Materials NanoTest nanoindentation system the sample is 
mounted vertically so that indentation occurs horizontally. The system can be 
operated to a maximum allowable temperature of up to 750 °C (MicroMaterials 
2012). The displacement transducer is placed behind a water/air cooled heat 
shield to minimize/eliminate radiative heating, and an advantage of the horizon-
tal loading configuration is that convection currents do not transfer significant 
heat to the displacement measurement electronics. Displacement calibration does 
not vary within the 25–750 °C temperature range. A key element in its design to 
reach a much higher working temperature is use of a dual heating strategy (iso-
thermal contact method) where the sample side is heated with a resistance heater 
and the diamond indenter side is heated up with a small heater with a miniature 
thermocouple (Everitt et al. 2011; Beake and Smith 2002). This design enables 
independent heating and control of the sample and the indentation temperatures 
to minimize the heat flow between the sample and indenter (Fig. 4). Everitt et al. 
(2011) used finite element modeling to analyse the thermal picture under a dia-
mond indenter with specimen with different conductivities. For the high-conduc-
tive materials, a very steep thermal gradient was formed at high temperature which 
must accommodate their deformation. Through experiments on fused silica up to 
600 °C and annealed gold up to 300 °C, they found that the isothermal contact 
method maintained acceptable thermal drift and produced values of modulus of 
hardness that compared well with those in literature (Everitt et al. 2011).

It is clear that reliable high-temperature nanoindentation tests require a sta-
ble temperature field with minimal thermal flow between the indentation tip and 
sample, components and surroundings. Design strategies such as heat shielding 
of components and displacement measuring electronics, isothermal contact by 
dual heating, long hold period at peak load and relatively large heating blocks for 
effective heat dissipation from the rest of the sample stage assembly have been 
employed effectively. Moreover, typically at temperatures in excess of 500 °C, 
protective gas (e.g. argon purging) may also be necessary to avoid the deteriora-
tion of the diamond tip or the sample.

These non-ambient temperature nanoindentation instruments/techniques 
have been successfully utilized to characterize the mechanical properties of 
polymers, metals and hard coatings (Beake and Smith 2002; Everitt et al. 2011; 
Fox-Rabinovich et al. 2006; Gray and Beake 2007, Gray et al. 2009; Lu et al. 
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2010; Sawant and Tin 2008; Schuh et al. 2005; Xia et al. 2003; Ye et al. 2005). 
Encouragingly, it has been found that the properties at measured at non-ambi-
ent temperature can reflect their performance at real in-service conditions. For 
example, the high temperature nanomechanical and micro tribological proper-
ties of TiAlN and AlCrN coatings on cemented carbide cutting tool inserts (Fox-
Rabinovich et al. 2006) have been correlated directly with their performance in 
extreme applications such as high speed machining.

Various polymeric materials have been studied using non-ambient temperature 
nanoindentation. An aerospace polymer resin, PMR-15 polyimide, was investi-
gated by Lu et al. (2010) using a MTS nanoindenter up to 200 °C. Elastic mod-
ulus of PMR-15 showed a linear decrease with the increase of the temperature. 
Gray and Beake (2007), Gray et al. (2009) used the NanoTest to investigate the 
mechanical properties of PET films with different processing history and crys-
tallinity over the temperature range 60–110 °C. They found that the mechanical 
properties of undrawn (amorphous) and uniaxially drawn (low crystallinity) PET 
films dropped quickly at 70–80 °C corresponding to their glass transition tempera-
ture, while the properties of biaxially oriented film showed a much more gradual 
decrease which can be attributed to its high crystallinity. The strain rate sensitivity 
parameter was also found to be able to characterise the increased time-dependent 
deformation around the glass transition region. Figure 5a combines measurements 
taken at room temperature and high temperature on a wide range of amorphous 

Fig. 4  Schematic of a commercially available high-temperature nanoindenter (NanoTest) 
employing separate indenter and sample heating and control to achieve isothermal contact
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and semi-crystalline polymers. It shows a dramatic peak at a temperature a few 
degrees above Tg, consistent with a maximum in the tan delta peak (which is 
usually offset by a similar amount from Tg determined from the inflexion of the 
storage modulus vs. T curve in DMA). Associated with this dramatic increase in 
A/d(0) is a marked decrease in the exponent n of the loading curve (P = kdn) as 
shown in Fig. 5b.

Juliano et al. (2007) evaluated the creep compliance of three aliphatic epoxy 
networks with different molecular weight between crosslink over the temperature 
range 25–55 °C. They used a 500 μm end radius ruby indenter to generate small 
contact strains and maintain linear viscoelastic deformation. Tehrani et al. (2011, 
2012) studied the nanoindentation creep of nanocomposites of aerospace epoxy 
and multi-walled carbon nanotubes over the temperature range 25–55 °C using a 
cBN Berkovich indenter. They determined that the strain rate sensitivity A/d(0) in 
the nanocomposites decreased relative to the neat epoxy, particularly at elevated 
temperatures. Interestingly, Li and Ngan have recently reported discrete relaxation 
events occurring during 600 s hold at 0.9 mN when indented with a Berkovich 
indenter of end radius 450 nm. Their frequency of occurrence was both crystallin-
ity and temperature dependent. At 30 °C the discrete events (depth steps in creep 
curves) occurred in under 10 % of tests on LDPE but in over 55 % of tests on 

Fig. 5  a A/d(0) versus 
(Tg-T)/ °C from room 
temperature and high 
temperature measurements 
on semicrystalline and 
amorphous polymeric 
materials. b Variation in 
loading exponent n for PET 
films around their glass 
transition temperature range
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HDPE. At 50 °C the percentage on HDPE was 47 % and at 70 °C the proportion 
reduced to 40 %. Since the probability increases with crystallinity, the authors sug-
gested the fast relaxation events were likely to arise within the crystalline phase. 
The reduction in frequency with temperature was considered to be due to enhance-
ment of the viscous flow of the amorphous phase.

Besides the high-temperature application, various engineering activities are car-
ried out at sub-ambient temperatures. These cover winter sports, cryo-machining, 
marine and aerospace applications (Fink et al. 2008; Iwabuchi et al. 1996; Yoshino 
et al. 2001; Zhu et al. 1991). For example, the temperature of aircraft tyres can 
be lower than −50 °C during the aviation cycle. When landing, extremely heavy 
loads can be applied. Some spacecraft instruments have to be cooled to obtain an 
improved performance. The materials utilized in the assembly of these electronic 
circuits can be subjected to mechanical loading.

Adopting the dual-side thermal control approach in the high-temperature test 
setup, Chen et al. (2010) recently reported the development of a new cold stage 
accessory based on the NanoTest instrument. The novel nanoindentation capabil-
ity described demonstrated its ability to investigate the local mechanical properties 
and the creep behavior of atactic polypropylene down to −30 °C. The sub-ambient 
temperature cooling system incorporates a purging chamber for eliminating con-
densation during cooling and two Peltier coolers as shown in Fig. 6 to achieve the 
isothermal contact. Extended initial contact hold period and low vibration cooling 
loop were adopted to get vibration free measurements.

Sub-ambient temperature nanoindentation tests have been successfully carried 
out on atactic polypropylene (aPP) to demonstrate the nanomechanical behav-
iour through the glass transition temperature, ~18 °C (Chen et al. 2010). It has 
been found that the hardness and elastic modulus of aPP increased as the test tem-
perature decreased and the amorphous regions went through the glass transition 
as shown in Fig. 7. The derived creep extent (A) using the logarithmic method 

Fig. 6  Schematic diagrams for the cooling systems including (a) indenter cooling stack, and (b) 
sample cooling stack (Bell et al. 2011)
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decreased as the temperature was reduced, and for the time constants (τL) and 
strain rate sensitivity (A/d(0)) (Fig. 8), there were upper-limit values at −10 °C, 
about 8 °C above the quoted glass transition temperature.

As yet there are no reports of nanoindentation at temperatures below −50 °C. 
Cryogenic (down to −150 °C) temperature nanoindentation, however, could be 
realized using state-of-the-art Joule–Thomson cooling devices (Bell et al. 2011).

Fig. 7  Hardness and elastic modulus of aPP tested at different temperatures (Chen et al. 2010)

Fig. 8  a Creep strain rate sensitivity (A/d(0)) versus test temperature, and b creep time constant 
(τL) versus test temperatures fitted using logarithm equation (Chen et al. 2010)
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As discussed above, it can be seen that the unique ability of nanoindentation 
to obtain highly spatially resolved quantitative mechanical property measure-
ments could enable microstructural changes in polymeric blends or biomaterials 
to be studied as a function of temperature. Maxwell and co-workers have recently 
used high temperature indentation to study the variation in creep compliance 
across the surface of a polyoxymethylene compression-moulded plate. 16 × 16 
grids of indentations with 500 s hold for creep were performed at 23 and 50 °C. 
Spatially resolved normalized creep compliance maps confirmed that the edges of 
the moulding showed higher creep compliance. Modulus mapping with the same 
data showed the edges were also lower in modulus. The polymer at the edges had 
less time to crystallise due to more rapid cooling at the surface than the bulk, lead-
ing to lower crystallinity at the edges, as confirmed by DSC. Their work showed 
Arrhenius-type behavior, following the relationship between activation energy, 
temperature and relaxation time (τ) so that when lnτ (determined from creep 
compliance data) is plotted versus 1/T a linear relationship is obtained. Using this 
approach they showed that by the appropriate Arrhenius shift the 50 °C data over-
laid and extended the 23 °C data providing a route for accelerated creep testing.

3.1.2  Influence of Surrounding Media

Besides temperature, the mechanical properties of polymeric samples may vary 
considerably in different environmental media, such as in air with different humid-
ity or when completely immersed in various fluids. For example, polar materi-
als such as biopolymers [for example DNA, elastin, starch, and cutin (Round et 
al. 2000)] absorb water and can swell significantly at saturation. Bower (2002) 
explained that the molecule chain can swell or expand when there is strong attrac-
tive interaction between the solvent molecules and the polymer chain. It would be 
expected that their mechanical properties are interlinked with their water content. 
Thus it is important to test their mechanical properties and behavior in fluid media 
rather than to infer from measurements under normal laboratory testing conditions.

One commercial liquid cell system was designed by fitting the nanoindentation 
platform (Micro Materials Ltd.) with a fluid cell. The fluid cell testing photo is 
shown in Fig. 9. The potential benefits of the horizontal loading to the fluid testing 
were summarized (Bell et al. 2008) as (1) the use of an indenter adapter allow-
ing the indenter to be fully immersed in cell, (2) all electronics are well away 
from the cell, so it can be heated—e.g. to body temperature and above- without 
risk of steaming of the capacitive displacement sensor, (3) the possibility of fluid 
exchange during experiment, (4) no significant buoyancy problems, (5) no large 
change in meniscus position during indentation. Water insoluble samples whose 
mechanical properties therefore do not vary on immersion in water (fused silica 
and polypropylene) were used to check the reliability of the setup.

Commercial Nylon-6 samples were tested by Bell and co-workers in deionized 
water and ambient (50 % relative humidity) conditions (Bell et al. 2008). Typical 
load–displacement curves are shown in Fig. 10. The hardness and elastic modulus 
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measured in deionized water were significantly lower than those measured in 
ambient conditions. The creep rate sensitivity, A/d(0), decreases significantly in 
water which is consistent with a decrease in the tan delta peak due to a shift in the 
glass transition temperature when wet.

Constantinides et al. (2008a, b) tested more compliant hydrogels, finding that 
the stiffness of PAAm-based electrophoresis gels decreased by a factor of about 
1000 when hydrated [E(gel, water) = 270 kPa; E(gel, air) = 300 MPa]. They 
extended the capability of the fluid cell setup by replacing the diamond Berkovich 
indenter with a ruby spherical probe of 1 mm diameter chosen to approximate to 
linear viscoelastic deformation. Using this large radius spherical probe they con-
ducted contact creep experiments on PAAm hydrogels and hydrated porcine skin 
and liver tissues. 300 s contact creep experiments on porcine skin after 1 h immer-
sion in physiological saline were well fitted by the Kelvin-Voigt model.

Fig. 9  Schematic of 
NanoTest fluid cell

Fig. 10  Typical dry and 
wet indentation curves 
for acommercial nylon-6 
polymer
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Schmidt and co-workers used a NanoTest modified to act as a electrochemical 
call to study an electroactive polymer nanocomposite thin film containing cationic 
linear poly(ethyleneimine) and 68 vol % Prussian blue nanoparticles as a candi-
date stimulus-responsive polymer material (Schmidt et al. 2009). Electrochemical 
reduction of the Prussian blue particles doubled their negative charge causing an 
influx of water into the film to maintain electroneutrality. This resulted in swell-
ing and a decrease in elastic modulus. The in situ nanoindentation measurements 
using a spherical ruby indenter of 5 μm radius showed a reversible decrease in the 
elastic modulus of the film from 3.4 to 1.75 GPa

Nanoindentation tests have also been performed under vacuum or in differ-
ent humidities. Korte et al. (2012) have recently described the adaptation of the 
NanoTest to work in vacuum at temperatures up to 665 °C. Altaf and co-work-
ers recently used the NanoTest with a humidity control unit to study the effect of 
moisture on the indentation response of a commercial stereolithography polymer 
resin, Accura 60, over the humidity range 33.5–84.5 % RH (Altaf et al. 2012). 
Stereo-lithography resins are highly hygroscopic and their mechanical properties 
are significantly affected by the level of moisture in the environment, with hard-
ness and modulus decreasing with increased moisture in the resin. Transport of 
moisture from the surface to the bulk took place over a number of days so that a 
coupled stress-diffusion FEA was required. Gravimetric tests were performed to 
calculate the diffusion constants and bulk tensile, compressive and creep tensile 
tests to generate the mechanical material properties for the model. With appropri-
ate modelling, the variation in hardness with (1) increasing penetration into the 
polymer (2) different environmental conditions could be accurately simulated.

3.2  Environmental Nanoscratch Testing

Since its inception, nanomechanical test instrumentation has developed along modu-
lar lines (Beake 2011) with nanoindentation and nanoscratch the two main modules 
for commercial instruments due to the simplicity to realize both these tests without 
particularly challenging hardware development. Polymers and polymer-based nano-
composites exhibit various deformation modes in the scratch test such as elastic con-
tact, ironing, ductile ploughing, ductile/brittle machining, tearing, cracking, cutting, 
fragmentation, etc. (Dasari et al. 2009). In Briscoe and Sinha’s review (2003), the 
most common types of material damage during scratching were illustrated. A combi-
nation of different mechanisms is usually operative in any particular contact process. 
Briscoe and Sinha (2003) developed scratch deformation maps for various polymers 
at the macro-scale that show clearly how the interplay between cone angle (which 
alters the contact strain) and normal load produces the different (dominant) scratch 
mechanisms. More recent work by Brostow and co-workers has shown that, with the 
exception of highly brittle polymers such as polystyrene, in general the cross-sec-
tional area of the ridges above the scratch can be considerably lower than the cross-
sectional area of the scratch groove, presumably due to appreciable densification 
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alongside ploughing and cutting (Brostow et al. 2007). At the macro-scale there have 
been efforts to investigate any correlation between scratch hardness and abrasive 
wear with Sinha and co-workers noting that although PMMA was ~5–6 times harder 
than UHMWPE its wear resistance were 85 times lower under the same experimen-
tal conditions (Sinha and Lim 2006). Nevertheless, despite this, several studies have 
shown that mechanical properties are strongly implicated in the scratch behaviour of 
polymers at nano- and micro-scale. Taking advantage of the depth-sensing capability 
of the nano-/micromechanical test instruments viscoelastic scratch recovery has been 
shown to be important. A convenient measure of this is the % recovery as defined by 
Eq. 8:

where ht is the on-load scratch depth and hr the residual depth. Brostow and co-
workers reported a wide variation in recovery after multiple pass micro-scratch 
experiments with a 200 μm probe (Bermudez et al. 2005a, b). For example, after 
15 scans at 15 N viscoelastic recovery on nylon 6 was over 80 % but under 30 % 
on polystyrene. Similarly wide differences were observed by Sinha and Lim in 
~200 μm deep scratches, with PMMA showing 62 % recovery and PP only 36 % 
(Sinha and Lim 2006). Brostow and co-workers noted that in their multiple micro-
scratch tests the residual depths were greater at 1 mm/min than at 15 mm/min 
for all the thermoplastics they tested (Bermudez et al. 2005). They explained this 
as the influence of contact heating and greater chain relaxation and viscoelastic 
recovery at the higher speed. Recovery appears to be linked to tan delta (Brostow 
et al. 2006) although the relationship was highly non-linear. Beake and Leggett 
(2002) found that differences in H/E correlated with differences in residual depth 
and % recovery when scratching PET films of differing crystallinity and orienta-
tion at the nano-/micro-scale, at 1mN with a 25 μm end radius probe. When scan-
ning at the nano-scale with a commercial AFM, Beake et al. noticed that aligned 
ridges formed immediately on uniaxially drawn PET of low hardness and crys-
tallinity at contact forces over 15 nN (Beake et al. 2004) but several scans were 
required to create similar patterns on harder biaxially drawn PET (Beake and 
Leggett 2002). These authors suggested that the stick–slip process that leads to the 
formation of the aligned ridges on the polymer surface proceeded smoothly on the 
uniaxial PET as the yield threshold for localised plastic deformation is exceeded, 
whilst the higher crystallinity, H and H/E on biaxial PET has higher yield stress 
and a more gradual fatigue process over several scans is necessary before the yield 
stress of the damaged surface was low enough for efficient pattern formation.

In their excellent review, Dasari et al. (2009) noted that factors such as Young’s 
modulus, yield and tensile strength and scratch hardness can all affect the scratch 
behaviour of polymers and nanocomposites. Surface tension has also been shown 
to play a role (Brostow et al. 2003). Brostow et al. demonstrated that on increasing 
the surface tension, friction, penetration and residual depths were also increased. 
The effects of the additive on the scratch resistance of nanocomposites have also 
been widely studied. For example, Zeng et al. used nanoindentation, nanoscratch, 
and nano-tensile tests to study the influence of different contents of fluoropropyl 

(8)% recovery = 100 (ht − hr) /ht
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polyhedral oligomericsilsesquioxane (FP-POSS) in poly(vinylidene fluoride) 
(PVDF) on the mechanical properties of different systems. Compared with neat 
PVDF, the scratch resistance of the PVDF/FP-POSS nanocomposites was 
decreased due to a rougher surface derived from the bigger spherulites. A detailed 
review can be found in (Dasari et al. 2009).

As demonstrated above, the mechanical properties of the polymers and nano-
composites depend on the specific testing environmental such as temperature, sur-
rounding media. The mechanisms in nano-scratching polymeric materials under 
non-ambient conditions may vary significantly from those at ambient condi-
tion due to the change of their mechanical properties, the surface interaction etc. 
However, to the knowledge of the authors, the application of non-ambient nano-
scratch to polymeric materials is in its infancy although studies of the nanome-
chanical and tribological properties of diamond-like carbon film at sub-ambient 
temperatures have revealed significant changes with temperature on this metasta-
ble material (Bell et al. 2011; Chen et al. 2011). At the macro-scale Burris, Perry 
and Sawyer used linear reciprocating pin-on-disk testing to provide evidence for 
thermal activation of friction (Burris et al. 2007). The friction coefficient of PTFE 
sliding against 304 stainless steel in nitrogen was measured over the temperature 
range −80 to +140 °C. They found that in the absence of ice the friction coef-
ficient increased monotonically with decreasing temperature from 0.075 to 0.21, 
consistent with thermal activation of 5 kJ/mol.

3.3  Environmental Nano-Impact Testing

Constantinides et al. (2008a, b) have noted that whilst the mechanical response of 
polymeric surfaces to concentrated impact loads is relevant to a range of applica-
tions it cannot be inferred from either quasi-static or oscillatory contact loading (i.e. 
nanoindentation). By modifying the nano-impact module in the NanoTest they were 
able to assess the strain rate sensitivity of a range of amorphous and semi-crystalline 
polymers in the velocity range 0.7–1.5 mm/s. Polypropylene and low MW PMMA 
showed strain rate sensitive impact resistance whilst other polymers (PS, PC, PE, 
high MW PMMA) did not. They used the coefficient of restitution (e) as a conveni-
ent way to assess the energy loss during impact. In an interesting extension of the 
test capability they performed the nano-impact test on PS and PC over the tem-
perature range 20–180 °C (i.e. from well below to well above their glass transition 
temperature ranges). They found that e decreased very slightly over the tempera-
ture range 0.2–1.0 T/Tg for both PS and PC. However, the capacity of the materi-
als to dissipate the energy of impact greatly (e decreases) increases for temperatures 
exceeding the glass transition temperature (i.e. T/Tg > 1).

Kalcioglu and co-workers have used nano-impact (high strain rate indentation) 
to assess the response of fully hydrated tissues (from liver and heart) and candi-
date tissue surrogate materials (a commercially available tissue surrogate and sty-
renic block copolymer gels) (Kalcioglu et al. 2011). They were able to quantify 
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resistance to penetration and energy dissipation constants under energy densities 
of interest for tissue surrogate applications. The nano-impacts were performed at 
impact rates of 2–20 mm/s. Although the velocity was slow, the energy strain den-
sities were high (0.4–20 kJ/m3) and comparable with macroscale impact tests such 
as pneumatic gun and falling weight impacts designed to replicate ballistic condi-
tions (15–60 kJ/m3) (Kalcioglu et al. 2011). They were able to determine that the 
energy dissipation capacities of fully hydrated soft tissues were well matched by a 
50/50 triblock/diblock composition that was stable in ambient environments.

4  Concluding Remarks

Environmental, or non-ambient, nanomechanical testing has been successfully 
applied to the characterization of polymers and nanocomposite materials, espe-
cially by high temperature nanoindentation. Future directions in nanomechanical 
test technique development are likely to involve the test envelope being pushed 
ever outward to map onto more extreme conditions, such as cryogenic tempera-
ture, vacuum and various fluid media.

More recently developed nano-scale test techniques, such as nano-scratch or 
nano-impact, are less well explored than the older nanoindentation test technique. 
However, performing these tests under non-ambient environmental conditions is 
a highly promising direction for future research as it enables the tribological and 
dynamic properties of materials to be studied in nano/micro-scale.
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Abstract As material and device length scales decrease, there must be a correspond-
ing increase in the instrumentation resolution for accurate measurements. For these 
small length scale systems, including thin films, fine grained structures, and matrix 
composites, nanoindentation experiments provide a proven method for mechanical 
property measurements. Additionally, when nanoindentation is combined with scan-
ning probe microscopy, individual tests can be placed directly in the regions of inter-
est. However, these tests do not have infinite resolution, as they are limited by the 
volume probed during a test and the resulting residual damage. Here, an investiga-
tion of elastic and plastic mechanical properties is made in relation to the lateral test 
spacing and the mechanically probed volume. The results clearly show that closely 
spaced tests having residual plasticity adversely affect neighboring tests, having both 
poor accuracy and precision in the measurement. This is in contrast to purely elastic 
tests, which can be closely spaced without affecting accuracy or precision.

1  Introduction

1.1  General Principles of Indentation Testing

Nanoindentation is a generalized term that denotes a modern indentation tech-
nique in which the applied load and the measured displacement are continuously 
recorded throughout the experiment. The near surface mechanical properties 
can then be obtained from the resulting force–displacement curve. The terms 
instrumented indentation testing or depth sensing indentation are more accurate 
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classifications of the general experimental approach, as they do not impose a 
limitation on the measurement length scale. Indentation experiments are sim-
ple, cost effective, and reproducible in comparison to tensile or compression 
tests. Indentation moduli measured on a homogenous material result in a stand-
ard deviation of around 1 % at 10 nm penetration depth. These experiments can 
also be automated whereby hundreds of tests can be performed on a single sample. 
Moreover, the ability to test at very small penetration depths allows testing of thin 
films or regions of the sample’s microstructure independently.

A typical experimental setup consists of a sample with a flat surface that 
establishes the boundary of a homogenous, semi-infinite, isotropic material. An 
indenter, typically made of diamond is then, used to penetrate the sample perpen-
dicular to the surface, where depth of penetration at a given load is a measure of 
the materials resistance to deformation. The most common indenter geometry is 
the so called Berkovich geometry—a three-sided pyramid with an opening angle 
of 142.3° between one edge and the opposing face of the indenter. The Berkovich 
pyramidal indenter and flat sample results in a self-similar, or constant, geome-
try. This constant geometry results in a constant strain and similarity of the stress 
fields through length scales that range over 6 orders of magnitude. Depth sens-
ing indentation experiments can thus cover a range of depth, from millimeters 
to nanometers, and can be used to determine material’s properties averaged over 
a large volume or local variations in the material at the nanoscale. The forces 
required for this dramatic change in displacement range from kN to nN (12 orders 
of magnitude), requiring multiple instruments. “Nanoscale” has been defined by 
the ISO standard ISO14577 as 0–200 nm in penetration depth, “microscale” from 
200 nm to an applied force of 2 N, and “macroscale” for forces larger than 2 N 
(ISO-14577-1 2002).

Indentation size can, however, affect the results of a test. Hardness frequently 
increases for decreasing depth for metallic materials (Tabor 1951; Gerberich et 
al. 2002; Nix and Gao 1998). This has been termed the indentation size effect, 
and has been postulated as being caused by a strain gradient or geometrically nec-
essary dislocations. As further evidence of size scale effect, ceramics have been 
shown to deform ductility at the nanoscale while brittle fracture is the norm for 
micro to macro scaled indentations (Gerberich et al. 2009). This results in dif-
ferences in the derived mechanical properties. In addition to material size scale 
effects, sample roughness also defines a length scale having a negative effect on 
the reproducibility of tests that are performed at penetration depths similar to the 
local roughness of the surface (Greenwood and Tripp 1967). Roughness should be 
reduced if at all possible, but caution is required as surface deformation may be 
caused by some sample preparation procedures. It is important to understand that 
these experimental complications can be managed for most samples. A flat sample 
surface is a precondition for high spatial resolution nanoindentation experiments 
and will not be further discussed.

It should go without saying that the stress field scales with the load, whether the 
stress field is elastic or plastic. A decreasing indent size results in a smaller stress field, 
whether elastic or plastic (Johnson 1985). The stages of elastic and plastic behavior 
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during indentation at small scales will be discussed. Complications arise from the 
spherical end of the pyramidal indenter in nanoindentation, defining a lower boundary 
for penetration depth. A discussion on the influence of interfaces and overlapping plas-
tic zones due to neighboring indentations will follow. The role of indenter placement 
within a given feature will then be highlighted in the discussion and summary.

2  Instrumentation

For nanoscale testing, both the instrument and the indenter shape play an impor-
tant role. A TI-950 TriboIndenter® by Hysitron, Inc., Minneapolis, Minnesota was 
used in this study. This instrument uses electrostatic actuation to generate small 
forces with high stability. Experiments can be performed in either force or dis-
placement control, with a feedback loop rate of 78 kHz. A force noise floor of 
30 nN (sampling@ 60 Hz) and displacement noise floor of 0.2 nm (@60 Hz) 
are verified. The in situ imaging mode can be used to raster the tip, scanning the 
sample surface, and generating a topographical image prior to and after testing.  
A TI-950 is capable of measuring modulus values from kPa to TPa with a single 
transducer having a force range of 30 nN to 10 mN. Loads of up to 10 N are pos-
sible with an additional transducer. The NI traceable calibrations for the force is 
performed by a hanging mass technique, while displacement is calibrated by inter-
ferrometry. This can be compared to a cantilever based scanning probe system, 
where the spring constant does not provide independent force and displacement 
calibrations, and is not NI traceable. The moving mass of the indenter-transducer 
system is <500 mg. This low inertia system, combined with the low force and 
displacement noise floors, allows for the accurate detection of the surface dur-
ing indentation experiments. This TI-950 was equipped with the dynamic modes 
nanoDMA III™ and Modulus Mapping™. Superimposing a dynamic force dur-
ing indentation (nanoDMA III) allows continuous measurements to be made 
throughout the loading. A similar superposition of an oscillatory force over a static 
imaging set point during scanning probe imaging (Modulus Mapping) allows the 
generation of high resolution images of mechanical properties at the surface of the 
sample. Due to the low forces involved, this mapping measurement is performed 
entirely in the elastic regime. Here, electrostatic force actuation, Fel, is dependent 
on the square of applied voltage U. For the case of a dynamic test, Fel consists of 
static, UDC, and sinusoidal dynamic, UACsin(ωt), voltages;

The 2ω component vanishes for a DC component significantly larger than the 
AC component. The system locks in on the ω component. It is important to note 
that the effective dynamic force signal scales linearly with the applied static voltage.  
The reasoning behind this is explained in the following section.

(1)

Fel ∼ (UDC + UAC sin (ωt))2 = U2

DC +
U2

AC

2
+ 2UDCUAC sin (ωt) −

cos (2ωt)

2
.
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2.1  Indenter Area Function

Machine compliance and the indenter area function are essential calibration 
routines for nanoindentation testing. The Oliver and Pharr (1992) analysis is 
valid for both purely elastic and elastic–plastic deformation. A valid area func-
tion can be generated for the entire depth range, typically on a fused quartz 
sample. This analysis requires the assumption of a constant reduced modulus, 
Er = 69.6 GPa for fused silica. After calculation of the area function, any resid-
ual error in the area function fitting will result in a deviation of the reduced 
modulus. An observation can then be made with respect to the vast majority of 
publications with published depth profiles of hardness and modulus, which tol-
erate large deviations from a constant reduced modulus in the sub-50 nm depth 
range, instead emphasizing the importance of being able to test at a penetration 
depth of 1 μm. However, the real challenges in making accurate measurements 
in the sub-50 nm regime often lie within the tolerance of the measurement 
equipment. An indenter system that is capable of applying a 500 mN maximum 
load must then sacrifice in the force and displacement noise floor. In addition, 
sensing the surface correctly (0 nm penetration depth) is also a problem. This 
is because higher loads necessitate higher moving mass indenters, in which the 
initial surface contact results in high inertial “impact”. The negative effects of 
slow data acquisition and slow feedback capabilities can be improved with mod-
ern controllers and computer systems, but the underlying physical principles do 
not change.

One other possible error in this region may be excessive oscillation ampli-
tudes, as studied by Cordill et al. (2009) and by Oliver and Pharr (2004). This 
gives some insight as to the experimental challenges, as well as a possible path 
forward. When performing a depth profile on a Hysitron nanoindenter, the test is 
performed so that the superimposed dynamic load is much smaller than the static 
load. For a typical calibration material such as fused quartz, the 10 mN inden-
tation head with its experimental noise floor specs (30 nN/0.2 nm) has a suf-
ficient sensitivity to determine the surface level of the sample through changes 
in the static force reading. A dynamic (oscillating) approach is possible, which 
has been shown to help on compliant (Er < 10 MPa) samples but is less effective 
on stiffer samples. These experiments are typically performed with a constant 
strain rate load function controlled using a constant ratio of the instantaneous 
change in force over the force, Ḟ/

F
 [11], where the dynamic loading is initiated 

at a static load of 3 μN. Strain rates of 0.05/s and data acquisition of 200 Hz are 
typical, but data acquisition can be increased to 38 kHz for the tracking of fast 
changes.

The inherent coupling of the AC and DC signal, Eq. 1, is beneficial as 
it eliminates the need for an additional feedback loop around displacement 
amplitude for maintaining the displacement signal. This coupling results in 
a reduced time requirement for analysis of the displacement phase and ampli-
tude signal from the lock-in amplifier. Small amplitudes are necessary to avoid 
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Jackhammering the sample (Cordill et al. 2009; Lucas et al. 1996) at small 
penetration depths. Typical displacement amplitudes used in these experi-
ments range from 0.2 to 1.5 nm, with an oscillation frequency of 220 Hz. The 
maximum force or displacement is an additional input parameter, and test out-
puts include both static and dynamic measures of force and displacement. 
Determining the hardness and modulus of the sample requires: indenter displace-
ment, h, applied static load, F, and contact stiffness, S, as relevant parameters. 
For a tip geometry with a well-defined tip area function, the experimental out-
come on the same material as that used for the tip calibration should appear as 
seen in Fig. 1.

The results of Fig. 1 were generated after re-analyzing the test data on fused 
quartz after defining a six parameter, C1–C6, area function per Oliver and 
Pharr (1992). An assumed constant Er of 69.6 GPa was used in calibrating the 
tip area, resulting in a constant value versus depth, Fig. 1a. However, hardness 

Fig. 1  Measured modulus 
(a) and hardness (b) of fused 
quartz after indenter tip 
area function calibration for 
three Berkovich indenters of 
varying tip radii. A dynamic 
indentation mode enables 
measurement of values for 
penetration depths as low as 
1 nm, with a low standard 
deviation. © Hysitron, Inc
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can only be assumed constant in the pyramidal portion of the indenter, at depths 
greater than approximately 1/3 that of the tip radius, R. For the initial, spherical 
contact, the ratio of the contact radius to the tip radius, a/R, is proportional to the 
strain, while the contact stress is the ratio of the load to the projected contact area, 
F/πa2. It then becomes obvious that at low stress and low strain that the contact 
will be elastic. This reduction in contact pressure can be modeled using the Hertz 
theory (1896), using the relationship:

where, hc is the contact depth. The pressure, P, under the indenter can then be  
calculated for a purely elastic deformation as:

A fit to the data using equation (3) is then used to plot the Hertzian, or average 
elastic contact, pressure in Fig. 1b. Increasing stress and strain eventually causes 
the onset of yield. This onset of plasticity can be related to the material yield 
strength, σε, using the Tabor (1951) relationship. It is important to understand that 
the drop in H does not represent a reduction in the yield strength, but represents 
a purely elastic contact pressure. Figure 1 shows that a probe with a larger radius 
of curvature reaches the necessary stress for yielding at much larger displace-
ments and therefore contact area, which serves to reduce the spatial resolution. 
Meaningful measurements of material hardness and modulus can be performed at 
more than an order of magnitude smaller penetration depth with a sharp tip.

2.2  The Volumes of Plastic and Elastic Deformation Under 
Contact Loading

While the goal is to obtain the highest lateral spatial resolution, an indenta-
tion occurs in three dimensions. It is therefore critical to determine the volume 
of material being probed. The probed volume for the elastically deformed region 
is not the same as that of the plastically deformed region (Johnson 1985). For an 
indenter with self-similar geometry, as in the case of a Berkovich indenter, the 
characteristic length scale is not a function of the sample or indenter size, instead 
is the function of the contact radius, a. The contact radius is defined as the radius 
of a circle of equivalent area to that of the actual contact-area, which may or may 
not be circular. This implies that the contact physics are similar whether the tip is 
a pyramidal Berkovich indenter or a sharp conical indenter with the same depth 
to contact radius ratio, Fig. 2. It follows that for a contact radius to contact depth 
ratio of 2.8, the contact diameter to contact depth ratio is 5.6. Due to the triangular 
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geometry, the actual widest contact point for a Berkovich indentation would result 
in a ratio of 7. Figure 2 illustrates the cross-sectional size of the elastic and elas-
tic–plastic volumes under the indenter. Since these zones designate a field, their 
extent can only be identified by defining a minimum stress or strain. This mini-
mum will depend on the acceptable relative change of properties in proximity to 
(1) a phase boundary or (2) a second indentation. Reproducibility limits resulting 
in 1 % standard deviations are the best case scenario of indentation testing. In this 
case, the limits for the elastic and plastic zones must be defined in such a way that 
the average mechanical properties do not change by more than 1 % when com-
pared with undisturbed material (semi-infinite half-space situation).

When performing indentations in a close proximity with a Berkovich indenter, the 
concern is that the plastic zones will overlap. The material within a plastic zone could 
be considered to have been cold-worked by the indentation, and in the worst case sce-
nario, the semi-infinite half-space approximation is no longer valid due to the distur-
bance of the surface. For stronger metallic materials, such as steel, the radius of the 

Fig. 2  Schematic of the elastic and plastic deformation zones under the indenter. During elastic 
indentation (a) in the Hertzian regime the average contact stress is less than that required to initi-
ate plasticity. The elastic–plastic indentation (b) shows hysteresis in the load-depth curve. In this 
case a constant hardness is observed. © Hysitron, Inc
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plastic zone measures approximately three times the contact radius, but can be as large 
as six for some soft metals, such as Cu (Nix and Gao 1998; Durst et al. 2005; ASTM-
E384—11e1 2011; DIN ISO-6507-1 2005). Therefore, the distance between the  
centers of two indents should be a minimum of three times the widest contact diameter 
in these materials. This indent to indent spacing requirement significantly reduces the 
lateral resolution for determining local changes in material properties. For a Berkovich 
tip with a standard sharpness, plasticity sufficient for hardness measurements begins 
at a penetration depth of around 15 nm, Fig. 1. The resulting widest contact diameter 
is then approximately 105 nm. For an indent spacing of threefold the widest length, 
the lateral distance must be at least 315 nm. It is very difficult to predict the mate-
rial behavior for overlapping plastic zones, including but not limited to work hardening 
and surface pile-up. It would be nearly impossible if the indents are spaced such that 
the residual impressions begin to overlap.

The situation improves somewhat when an indenter with steeper geometry, such 
as a cube corner geometry replaces the Berkovich geometry, due to the decreased 
contact radius to depth ratio. For a cube corner, the resulting contact diameter to con-
tact depth ratio is approximately 1.4. As the plastic zone scales with contact radius, 
the plastic zone is reduced by almost a factor of 5, compared to a Berkovich indenta-
tion of the same depth. As the actual size of the plastic zone is material dependent 
(Durst et al. 2005), any effect of inhomogeneity in the sample is difficult to predict 
and decisions should be made as a result of actual testing. This can be illustrated 
by the presentation of two case studies: (1) the influence of one indentation on its 
 neighbor, and (2) the influence of interfaces in the proximity of in indent.

Reducing the center to center distance, d, for an array of indents of 50 nm dis-
placement on single crystal Al, using a Berkovich indenter shows large variations 
in both hardness and reduced modulus, Fig. 3a. This reduction of d in homogenous 

Fig. 3  a Hardness and modulus versus neighbor to neighbor distance observed with indentations 
of 50 nm penetration depth on single crystal Al. b Hardness and modulus of an indent performed 
in Ti between two rigid TiN interfaces. c A fully elastic contact can have arbitrary spacing 
between indents without adversely affecting subsequent testing; testing is the average of 25 line 
scans on Al single crystal with low surface roughness. © Hysitron, Inc
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materials result in a decrease in hardness, not a simple increase as would be 
expected for work hardening. Additionally, the deviations in the modulus indicate 
that something is clearly wrong with the measurement. In this example, surface 
damage from the residual plastic zone induces error in the contact area, resulting in a 
flawed measurement. Deviations from “bulk” behavior begin at d = 750 nm, slightly 
less than the recommended distance of 2.8 times the contact diameter, or 840 nm 
for a maximum displacement of 50 nm. From this example, it can be clearly seen 
that the residual plastic zone in a hardness map sacrifices accuracy when trying to 
increase lateral resolution. While the overall size of the residual impressions can be 
minimized by using a sharp indenter at the lowest possible indentation depths, the 
overall effect is that the lateral resolution must necessarily be sacrificed. A dramatic 
improvement in the spatial resolution occurs when moving to the elastic regime. For 
a purely elastic indent, the indents can be positioned much closer together as there 
is no residual plastic zone, allowing for a neighboring test to be performed within 
the contact radius of the previous. While testing within the elastic regime forgoes a 
measurement of hardness, a high spatial resolution map of elastic surface properties 
can be made by indentation or modulus (dynamic imaging) mapping modes.

Another complication with respect to lateral resolution comes in performing inden-
tations on small structures in proximity to a material interface. A profile of hardness 
and modulus as a function of depth for a 750 nm wide Ti-layer sandwiched between 
TiN-layers was performed with a Berkovich indenter, Fig. 3b. TiN is a very hard 
material, H ~ 25 GPa, and the interfaces can therefore be considered as rigid. The 
correct hardness and reduced modulus values were measured at only very shallow 
depths, 15–30 nm. At larger depths, the effect of the rigid interfaces causes an increase 
in measured reduced modulus and hardness. The placement of the test in the center of 
the structure was done by careful in-situ SPM imaging of the surface, utilizing a scan-
ning piezo on which the indentation transducer is attached. The tip is then rastered 
along the surface at low load, acquiring height and gradient images of the surface.

This information provides us with a background for developing ideas regarding 
the achievable resolution of nanoindentation. Two major regimes have been identi-
fied—a regime of purely elastic deformation and one of elastic-plastic deformation, 
Fig. 4. The influence of a neighboring interface has been investigated both theo-
retically and practically in a study of the edge effect of a sample (Jakes et al. 2009;  
Jakes and Stone 2010). While the example of a void within the sample is a worst 
case scenario, it serves as a good idea of the parameters involved. The three dimen-
sionless parameters found by Jakes, et al. are: the size of the indent in relation to 
the distance to the edge, 

√
A/d, the ratio E/H, and the Poisson ratio of the mate-

rial. The latter two of these are, of course, material dependent, making the ultimate 
lateral resolution material dependent. Using these parameters and the procedure 
of Jakes, et al., the minimum d can then be set for a limited modulus change, 
less than 2 % in this case. Since d is also related to the root of the contact area, 
d is a function of displacement. The smallest values of d are therefore found at 
the lowest penetration depths, within the fully elastic regime. This is important 
for understanding measurements taken on heterogeneous materials. Additionally, 
when testing in the elastic regime, the contacted area is not sacrificed by the  
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manufacture of a residual plastic impression. This will be confirmed by the high 
resolution of Modulus Mapping in the following section.

2.3  Hardness Mapping of a Multilayer Coating

The resolvability of local mechanical properties is illustrated with a Ti-Al6-V4 
alloy coated with a Ti and TiN multilayer, which has subsequently been cross-
sectioned and polished. The result is a sample where the Ti and TiN microstruc-
ture has been exposed, having minimal surface roughness. An in situ SPM image, 
Fig. 5a, shows slight topographical variation between the Ti-Al6-V4 (far left) sub-
strate and the Ti and TiN multilayers.

Mechanical property variations across the sample surface were tested with 
both indentation hardness mapping and well as Modulus Mapping. The Ti layers, 
which are not perfectly straight due to the substrate roughness, have a thickness of 
approximately 750 nm. For accurate indentation measurements, small  penetration 
depths and precise positioning in the center of the layer are of particular concern 
for the Ti-layer. The positioning on TiN or on the Ti-Al6-V4 substrate is not as 
critical as long as the distance between two indents is large enough to avoid inter-
ference. The indentations were positioned using an automated software feature, 
which places the indents at the desired locations after scanning with the tip. A 
maximum depth of 50 nm is chosen for the indentation experiments with a spac-
ing of approximately 720 nm between the indentation experiments. The residual 
impressions from indentation on the surface of the sample are seen in Fig. 5b. The 
first two vertical lines of indents are positioned on the Ti-Al6-V4 substrate. The 
third vertical line is positioned on the Ti followed by four vertical lines placed on 
the TiN layer. The next vertical line is positioned on the Ti layer again. The maps 
of hardness and reduced modulus from this array are seen in Fig. 6, where the lay-
ered structure of the coating can be identified.

Fig. 4  Theoretical resolution 
for a given indentation 
size as a function of the 
distance to an interface. 
Material parameters are 
held constant for this 
theoretical comparison 
of modulus mapping to 
indentation resolution. A 
higher theoretical resolution 
of modulus mapping is 
confirmed. Following Jakes  
et al. (2009). © Hysitron, Inc
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2.4  Modulus Mapping of a Multilayer Coating

As a consequence of the above findings, indent size needs to decrease in order 
to gain spatial resolution. Ultimately, the indentations will become purely elastic 
and eliminate the plastically deformed region. It was shown in Fig. 2 that a shal-
low indent produced no hysteresis in the load and displacement-curve, and there-
fore produced no plastic zone. If the indentation depth is increased, hysteresis, 
and residual damage will eventually occur, Fig. 2b. This lack of residual  plasticity 
means that individual tests can be placed at any arbitrary d spacing—thereby 
increasing the spatial resolution. While one could closely space individual  elastic 
indentations, Hysitron has developed a Modulus Mapping mode that combines 
the in situ imaging and mechanical testing functionalities. This takes advantage of 
very shallow depths of penetration and correspondingly small loads, resulting in a 
purely elastic, nondestructive algorithm. The maximum load of the test is defined 

Fig. 5  a In-situ scanning 
probe imaging of a cross-
sectioned multilayer sample, 
with the Ti-Al6-V4 substrate 
on the far left, followed by 
alternating layers of Ti and 
TiN. The static imaging load 
was 2 μN, using a 80 nm 
radius Berkovich indenter 
using the SPM mode on a 
Hysitron TriboIndenter. b 
In-situ SPM image of TiN-Ti-
TiN multilayer after hardness 
mapping using a 12 × 12 
indentation array. © Hysitron, 
Inc
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by the imaging setpoint, FDC, and the stiffness of the contact, S, and is determined 
by  analyzing a small superimposed mechanical oscillation using a lock-in  amplifier. 
The reduced modulus of the sample can be found, assuming a Hertzian spherical 
contact. Hardness cannot be determined from this purely elastic deformation.

The results of a Modulus Map, Fig. 7, are calculated from the contact stiff-
ness map. The map, in this case 15 × 15 μm, consists of 256 × 256 pixels which 
contain more than 65,000 individual mechanical measurements. The substrate 
can be clearly differentiated from the multilayer coating, with irregular features 
such as Ti droplets and thickness variation within the layers evident. This latter 
point is of particular interest, as technical processes often deviate from ideal, and 
Modulus Mapping is capable of visualizing these local variations with the highest 
resolution.

Fig. 6  a Hardness (a) and 
modulus (b) maps using 
indentation mapping of 
Ti-TiN multilayer cross-
section
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2.5  Comparison of Results

A hardness map delivers hardness and reduced modulus values; Modulus Mapping 
allows for determination of elastic properties only, including storage and loss modu-
lus for viscoelastic materials. These two techniques are complementary, such that 
only the reduced modulus results should be compared here. From profiles of the two 
techniques, Fig. 8, it is obvious that the Modulus Mapping technique has a much 
higher data density, with spacing of 750 nm for indentation tests and only 50 nm 
between modulus mapping points. The magnitude of the values for large structures 
such as the Ti-Al6-V4 substrate with Er = 110 GPa and TiN with Er = 310 GPa 
are identical. However, it is for thinner layers and interfaces that the difference in 
the data is most apparent. Indentation testing struggles to adequately describe the 
sharpness of the transition, and fails to accuratelwy calculate the Er = 150 GPa of 
the Ti layer. This difference is a result of the size of the deformation strain under 
the indenter at 50 nm displacement. The increasing interaction of the strain with the 
neighboring layers as a function on displacement was also shown in Fig. 3b.

3  Concluding Remarks

Indentation testing and Modulus Mapping are complementary techniques of mechan-
ical testing. Modulus Mapping provides for measurements of elastic properties at 
the highest spatial resolution. In contrast, indentation testing for both elastic and 

Fig. 7  A map of the 
modulus for the Ti-TiN cross-
sectioned multilayer system 
in a 15 μm scan, using the 
combined scanning probe 
and dynamic oscillation 
technique. The scan shows 
the high obtainable spatial 
resolution using elastic 
contact, especially when 
compared to the maps of 
Fig. 6. © Hysitron, Inc
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plastic properties is capable of testing small volumes of material when positioned 
with adequate spacing from previous indentations. Using a hardness mapping 
approach requires that the operator decide on the location of the indents, such that 
adequate spacing is maintained, and that simply placing a grid over the sample is 
unlikely to guarantee a map that accurately describes the properties of the phases. 
Therefore, imaging the sample in order to find the center of the locations of inter-
est is necessary, as there might be only enough material for a single test. For 
homogeneous materials, indentation mapping by a grid array is an excellent means 
to obtain data for statistics over a large area. However, for applications where 
quantitative results with high spatial resolution are critical, an elastic, dynamic, 
imaging technique such as Modulus Mapping will satisfy the user’s requirements.

4  Additional Information on Dynamic Techniques

A small dynamic load can be superimposed over a quasistatic load to the indenter, 
producing an oscillation of the tip with peak to peak amplitudes near 1 nm.  
A lock-in amplifier facilitates the detection of the material response, such as the 
stiffness, S, of the contact throughout the experiment. The Dynamic Mechanical 
Analysis (nanoDMA III®) technique is utilized for characterization of both  elastic 
and viscoelastic materials. The data acquired is the total displacement into the 
sample, the dynamic displacement amplitude, the applied force, and the phase 

Fig. 8  Comparison of moduli measured by individual indents (hardness mapping) and by fully 
elastic dynamic scanning probe imaging (modulus mapping). The profile of the Ti-TiN multi-
layer cross-section shows the much higher spatial resolution of the elastic mapping. The Modulus 
Mapping data is averaged from 15 parallel line scans—with a standard deviation calculated from 
the 15 points at each position. The hardness values are averaged values from the 12 columns of 
indents, with corresponding standard deviation. © Hysitron, Inc
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shift from the input to the response. From these measured quantities the storage 
and loss modulus, tan delta, and storage and loss stiffness can be calculated.

Following Asif et al. (1999, 2001) the analysis of the dynamic test can derived 
from the classical equation for a single degree of freedom harmonic oscillator as 
given in Eq. 4 where Fo is the magnitude

of the sinusoidal force, ω is the frequency of the applied force, m is the mass, C is 
the damping coefficient, and k is the stiffness of the system. The dynamic mechan-
ical response of the transducer in contact with the sample is modeled using two 
Kelvin-Voigt mechanical equivalents, Fig. 9, from which the contact stiffness and 
the damping properties of the material can be accurately calculated. The solution 
to the differential equation, Eq. 4, is seen in Eq. 5 where a displacement amplitude 
response, Xo, is a function of a given Fo, ω, C, k, and m,

The subscripts i and s in Eqs. 5–7, stand for indenter and sample respectively. 
The constants, m, Ci, and ki, are found by dynamic calibration of the system. The 
variables, Xo and Φ, are measured during the experiment, from which the unknowns 
ks and Cs can then be determined assuming a linear viscoelastic response. Stiffness 
and damping, with their respective subcomponents, can then in turn be used to cal-
culate the storage modulus, loss modulus and tan delta using Eq. 8a–c as;

(4)Fo sin (ωt) = mx
′′ + Cx

′ + kx
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)2 + ((Ci + Cs) ω)2

(6)φ = tan
−1

(Ci + Cs) ω

k − mω2

(7)k = ks + ki

(8)a) E′ =
ks

√
π

2
√

Ac

b) E′ =
ωCs

√
π

2
√

Ac

c) tan δ =
ωCs

ks

Fig. 9  Kelvin and Voigt 
elements that represent the 
instrument and the interaction 
with the sample. The phase 
difference between the force 
and the displacement is given 
in Eq. 10. © Hysitron, Inc
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The relationship between the complex modulus (E*), storage modulus (E′), and 
loss modulus (E″):

where i is defined as the square root of −1.
The nanoDMA® technique enables the usage of a number of CMX algo-

rithms—truly continuous measurements of X (X can be hardness, storage and loss 
modulus etc.) as a function of indentation depth frequency and time, as seen in 
Fig. 3b. Moreover, the reference frequency technique is an important functionality 
for those tests that are performed over a longer time, such as creep or frequency 
sweeps (0.1–300 Hz) on viscoelastic material, which show how the mechanical 
properties change with applied frequency. Drift in the displacement reading could 
be a result of adhesion at the contact zone, or a result of material drift. The effects 
of both of these types of measurement drift are eliminated by recording the stiff-
ness over time and relating it to the area of contact, and therefore penetration 
depth. A reference frequency experiment starts with a dynamic segment that deter-
mines the elastic constants of the sample, following Eq. 8. In the case of a fully 
elastic contact, ks is equivalent to S. Once the elastic modulus of the sample is 
known, Eq. 8 can be rearranged and the contact area is monitored by;

Having calculated the indenter area function, A(hc), by calibration, displace-
ment in the sample can then be determined. For materials with viscoelastic behav-
ior, the storage modulus, E′, is frequency dependent. Therefore, a constant and 
high reference frequency is chosen and applied in between changes in the fre-
quency sweep.

The Modulus Mapping package combines the in-situ SPM imaging capabil-
ity of Hysitron’s nanomechanical testing instruments with the ability to perform 
dynamic, or nanoDMA III® tests. During the imaging process, the system continu-
ously monitors the stiffness of the sample, and can plot this stiffness as a function 
of the position on the sample. At each pixel in the image, the stiffness is found, 
and if the geometry of the probe is known, the modulus can be calculated. This 
is the equivalent of performing an indentation test at each pixel in a 256 × 256 
image, or 65,536 tests in a single image. While mapping, the static force, typically 
1 μN, is the imaging contact setpoint. This is maintained by a feedback loop and 
separated from the AC modulation by a low pass filter. A lock-in amplifier is used 
to monitor the amplitude and phase response of the material in relation to the input 
signal. The dynamic load amplitude and the dynamic displacement amplitude give 
information about the stiffness at each point of contact in the image, done entirely 
in the elastic, Hertzian, contact regime. The radius of the tip is done by dynamic 
calibration on a known material, and is assumed to be perfectly spherical. Another 
approach is to use the known modulus of one of the constituent materials in the 
sample as the known calibration, effectively calibrating the tip and eliminating 

(9)E
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the effects of humidity on the sample. Typical frequencies of operation are near 
200 Hz, but one should also be aware of avoiding the line frequency  harmonics 
in the country where the system is being operated. This minimizes deadtime 
 associated with the lock-in amplifier, allowing faster imaging. However, there is a 
tradeoff between acquiring data rapidly and having too high a strain rate. Systems 
that operate on the 100’s of kHz or even MHz frequencies apply very high strain 
rates, which affect the measured value. The time required to acquire a stable image 
in these conditions must maintain low force drift. Possible sources of error include 
a water meniscus formed at the surface due to moisture, and uncertainties in the 
contact force. With regards to the latter, the noise floor of the Hysitron system, 
30 nN, is far below the typical imaging force of 1 μN. A variety of techniques, 
such as dry N2 gas or dessicant can be used to lower the humidity in the system.

Acknowledgments More information about nanoDMA III and Modulus Mapping can be found 
at www.Hysitron.com.
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Abstract This chapter describes the basic fundamental principles that are required 
to understand the operation of modern nanoindentation techniques. Special attention 
has been paid to explain the terms that an experimentalist should know while analyz-
ing the data from nanoindentation. Studies conducted by different researcher using 
nanoindentation techniques have been briefly mentioned as examples. Additionally, 
studies conducted on silicone quasi-ceramic coatings are also provided.

1  Introduction

Conventional polymers are evaluated using universal testing machine that oper-
ate in tensile or compressive mode. However, thin coatings or films that cannot 
be removed from the substrates needs to be tested using the nanoindentation tech-
nique. The use of indentation technique to determine the mechanical properties of 
materials was realized in late 1950 (Hutchungs 2009). During a nanoindentation 
test, a nanoindenter head of known geometry is pressed into the surface with a 
predefined load or depth of penetration and the resultant affected area is recorded. 
The ratio of load over area determines the value of nanoindentation hardness. The 
basic nanomechanical properties obtained from the nanoindentation tests are elas-
tic modulus and indentation hardness of the material. Several nanoindentation test 
methods are available that can determine fracture toughness, creep, storage and 
loss modulus, yield stress, as well as interfacial and surface adhesion. Similarly, 
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the tribological behavior of surfaces, such as a scratch or mar resistance, friction 
coefficients, and wear performance can be obtained (Fischer-Cripps 2004).

In past few years, several coated and bare substrates have been tested using 
nanoindentation techniques. For example, the mechanism of deformation of soft 
coating on hard substrates (TSui et al. 1997), hard coatings on soft substrates 
(Chen et al. 2005; TSui et al. 1997; Charitidis et al. 2004), soft coating on soft 
substrates (Roche et al. 2003; Geng et al. 2008), or hard coating on hard sub-
strates (Zhang and Huan 2005), have been broadly established. Several excellent 
review articles have been written on the nanoindentation (Li and Bhushan 2002; 
VanLandingham et al. 2000; Koleske 2006; Mammeri et al. 2005; VanLandingham 
2003; FischerCripps 2006) that describes the salient features of this technique.

1.1  Nanoindenter

A standard Automated Nanoindentation Technique (ANT) equipment consists of 
three basic components (Fig. 1): an actuator to apply force, an indenter mounted to 
a rigid column through which the force is applied on the sample and a sensor that 
measures the displacement of the indenter (Bull 2005).

The ANT equipment can generate required forces electromagnetically using 
either coils and magnets or capacitors that have fixed and moving plates. In some 
cases, the piezoelectric actuators can be used to generate small forces. The indent-
ers used in ANT are selected according to the information that is being collected. 
The indenter may have pyramidal, spherical, cube corner or conical geometry. A 
pyramidal shaped Berkovich indenter is most common in acquiring the nanome-
chanical data. The displacement in ANT can be recorded using capacitive sensors.

Fig. 1  a MTS (now Agilent) nanoindentation instrument. b Schematic of a typical nanoindenter 
setup for the nanomechanical properties measurement of coatings
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1.2  Calibration in Nanoindentation

The shape and dimensions of the nanoindenter tip plays a crucial role in determin-
ing the properties of the materials. A fused silica is generally used as a standard 
sample, due to the known properties of this material. Data from several nanoinden-
tation tests is recorded, and coefficients are calculated. The coefficients are then 
used to calculate area function of the indenter tip as shown in Fig. 2.

1.3  Stiffness Measurement

The software of modern ANT instruments may automatically detect the true surface 
of the sample. However, it is recommended to verify the position of the sample sur-
face in each test. A plot of contact stiffness against displacement could be used for 
such an assurance as shown in Fig. 3. A sharp increase in stiffness value indicates 
that nanoindenter tip has reached the surface. Stiffness can also be used to evalu-
ate the performance of the instrument. For an isotropic material, a plot of stiffness 
square over load (S2/P) should give a constant value as it represents a material’s 
property and independent of contact area. A material (such as fused silica) with a 
known value can be used for such an investigation.

2  Basics of Nanoindentation

The estimation of intrinsic properties of the coatings is normally influenced by 
the underlying substrates. However, the nanomechanical properties of the coated 
material are least affected by the substrate when determined from the 10 % of the 

Fig. 2  A typical calibration procedure using fused silica as standard sample
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thickness of the coating (Hay and Pharr 2000; VanLandingham 2003). In a typi-
cal nanoindentation experiment, the indenter makes contact with the material sur-
face and then penetrates to a depth or load. A nanoindentation curve is plotted for 
load as a function of displacement of the indenter and shows loading and unload-
ing pattern (Fig. 4). Any inconsistency observed in the curve indicates cracking, 
delamination or another failure in the coating. Figure 4 shows the unloading pro-
cess and parameters associated with the contact geometry. The depth of penetra-
tion is considered to be displacement into the sample. The hardness and modulus 
values are determined as discussed in the following section.

The load and displacement curve can be used to determine the hardness and 
elastic modulus of the material (Oliver and Pharr 1992). The hardness H of the 
material is determined by dividing maximum load Pmax by the projected contact 
area A of the indenter at maximum load as shown in Eq. (1).

Fig. 4  Typical 
nanoindentation loading and 
unloading curve

Fig. 3  Contact stiffness 
curve for determining the true 
surface contact
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For an ideal nanoindenter tip geometry (Fig. 5), the projected contact area, A, can 
be determined from the contact depth hc at maximum load Pmax such as in Eq. (2).

The value of c0 depends on the indenter tip. For example, the value of c0 is 24.5 
for the Berkovich pyramidal diamond tip. In the load versus displacement curve, 
the contact depth hc, is different from maximum indentation depth hmax at the 
maximum load due to the elastic deformation of the area around the indenter head. 
The contact depth is given in Eq. (3).

where, S represents stiffness that can be calculated from the slope of the unloading 
curve at the maximum load. The value of ε is 0.75 for the pyramidal indenter tip.

The stiffness Smax is obtained from load-depth curves and assuming that the 
elastic modulus of the fused quartz is constant, the projected contact area A can be 
obtained as a function of stiffness Smax as given in Eq. (4).

where Er is the reduced modulus, which represents the elastic deformation occur-
ring both in the sample and indenter. The value Er can be calculated from Eq. (5).

where Es is the elastic modulus of the fused quartz silica, Ei is the elastic modu-
lus of the indenter, νs is the Poisson’s ratio of the fused quartz silica and νi is the 
Poisson’s ratio of the indenter. The projected area A that was calculated using Eq. 
(4) can be plotted as a function of the contact depth hc. The area function A(hc) so 
obtained is a fifth order polynomial that can be represented as Eq. (6).

where c0, c1, c2, c3, c4 are constant that can be determined by curve fitting of the 
measured area function A(hc).

The elastic modulus Em of the material can be determined using Eqs. (7) and (5). 
The υs in Eq. (5) is taken as Poisson’s ratio of the test material.
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3  Hardness and Modulus Analysis of Silicones

The nanomechanical analysis of materials using ANT is acquiring momentum. For 
example, nanoindentation studies were conducted on hybrid materials that con-
tained higher organic branching points for crosslinking reactions. It was found that 
such materials possess higher hardness values than do linear polymers (Hu et al. 
2005). In another study, the reduced modulus and reduced hardness found vary-
ing through the different layers of the polymeric coating (Fabes and Oliver 1990). 
High value of reduced modulus and reduced hardness were recorded at the sur-
face due to a condensed morphology. Lower values were recorded in the bulk due 
to a porous structure while values increased again at the coating-metal interface 
due to a denser structure (Scherer 1987; Fabes and Oliver 1990). The inherent sur-
face morphology of the sample plays a pivotal role in accurate determination of 
the nanomechanical properties of the materials. Numerical models have also been 
proposed for softer surfaces like PDMS so that the effect of surface roughness on 
the nanoindentation results could be estimated (Chen and Diebels 2012).

A plot of load on the sample as a function of displacement into surface of quasi-
ceramic silicone (QCS) coating is shown in Fig. 6. The curves from traditional 
(SDM) and substrate independent (SIN) test methods (described in Sect. 4 ahead) 
are shown. The loading and unloading curves were close to each other suggesting 
that the material was elastic in nature. No discontinuity was observed in loading seg-
ment of the coatings suggesting that the material does not fracture, or delaminate 
under applied load (Chen et al. 2007). The elastic behavior observed here was due to 
the high volume of inorganic constituents in the backbone of the coating structure.

The hardness and modulus were determined for QCS coatings that were aged for 
3 months on three different aluminium alloy substrates (Fig. 7). The hardness and 
modulus values were determined as a function of displacement into the coatings. 
The average hardness values for the QCS-coated 2024 Al, 6061 Al and 7075 Al were 
0.42, 0.41 and 0.47 GPa, respectively while the average modulus values were 4.40, 
4.51 and 5.45 GPa, respectively. The loading-and-unloading curves demonstrate 
the elastic recovery of the coatings with negligible plastic deformation. The aver-
age hardness of uncoated alloys 2024 Al, 6061 Al, and 7075 Al were 1.87, 1.47 and 

Fig. 5  Schematic of an ideal conical indenter at maximum load
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2.37 GPa, respectively while the average modulus were 77, 76 and 78 GPa, respec-
tively. The slight variation in the mechanical properties of the QCS coatings on dif-
ferent surfaces suggests that the coating may have been influenced to a small degree 
by the substrate mechanical properties or due to the solubilised alloying elements 
from the substrate alloy (Tiwari and Hihara 2010a, b).

In another hybrid coatings, compositions with higher organic content cause seg-
regation in the network, resulting in high-silica regimes surrounded by hydrocar-
bon-rich regimes. These coating networks displayed different mechanical properties 
than did the pristine silica network. A silica-rich coating based on tetraethoxysilane 
(TEOS) display near elastic behavior while a hybrid glycidoxypropyltrimethoxysi-
lane (GTMS) coating displayed increased penetration on loading and almost com-
plete recovery during unloading. The TEOS coating showed the smallest amount of 

Fig. 6  Plots of load on 
the sample as a function of 
displacement into the sample 
surface

Fig. 7  Nanoindentation 
of hybrid silicone coating 
showing hardness and 
modulus values (Tiwari and 
Hihara 2010a)
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creep due to a densely packed, rigid silica network while the creep was higher for the 
GTMS coating due to the viscoelastic flow and relaxation processes associated with 
the long chain hydrocarbon-rich domains. Young’s modulus also decreased with the 
increase in organic portion in the backbone of the coating structure. In fact, the mod-
ulus of GTMS was recorded 25 times less than that of TEOS (Atanacio et al. 2005).

Etienne-Calas et al. (2004) and Ferchichi et al. (2008) studied two different 
organic–inorganic coatings on silicone and glass substrates. They prepared the coat-
ings through a sol–gel procedure and deposited them on substrates using the spin 
coating technique. The first coating composition was formulated using methyltri-
methoxysilane, colloidal silica and TEOS while the second composition was based 
on 3-(trimethoxysilyl)-propyl-methacrylate. At lower loads, authors determined the 
coating hardness and modulus values from indentation curves. At higher load val-
ues, propagation of cracks were used to determine the coating toughness, residual 
stress and interface toughness while energy analysis was used to study chipping and 
delamination in the coating. It was also found that mechanical properties of the coat-
ings were influenced by the rapid diffusion of the sodium ions from the glass sub-
strate into the coating.

Similarly, Kim et al. (2007) prepared a coating compositions by reacting vinyl 
terminated polydimethylsiloxane with tetrakis(dimethylsiloxy)silane in the pres-
ence of a platinum-divinyltetramethylsiloxane complex. Authors have used a 
statistical, experimental design, to study the effect of different chemical constitu-
ents on resultant shear stress in the coatings. It was noticed that the modulus of 
the coating varied with the thickness of the coating and that the shear rate was 
dependent on the modulus of the coating.

The effect of inorganic fillers in the coatings was also studied using ANT. For 
example, Chen et al. (2007) studied AlOOH boehmite nanorods incorporated GTMS 
sol–gel coating. The nanorod concentration up to 40 wt % was utilized in the coat-
ing composition and was applied over a glass substrate. Authors recorded lower 
modulus and hardness values in the nanocoatings than in a commercially available 
coating composition containing boehmite nanoparticles. The hardness and modulus 
values for nanorods filled coating were 8.86 and 0.83 GPa while those of nanopar-
ticles filled coating were 9.88 and 0.98 GPa. The coating composition containing 
nanorods with an aspect ratio of approximately 20 displayed significant improve-
ment in the crack toughness, which was achieved by incorporating nanorods with a 
high aspect ratio. The orientation of nanorods in the composite coating contributed 
to the anisotropic toughness. The enhanced toughness was considered as an outcome 
of the formation of chemical bonds between boehmite nanorods and the coating. 
Likewise, Douce et al. (2004) performed nanoindentation experiments on silicone 
coatings containing various surface modified silica nanoparticles of different sizes 
ranging from 15 to 60 nm. The authors found that Young’s modulus of the coatings 
increased with the increase in silica nano-fillers. However, the scratch resistance of 
the coating decreased with the addition of nano-fillers, probably due to a weak inter-
action between inorganic fillers and the coating network. In another study, nanosilica 
having an average diameter of 20 nm was loaded in a nanocomposite film made of 
methyltrimethoxysilane and applied on polymethylmethylacrylate substrate. The 
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nanoindentation tests revealed that the scratch resistance and strength in the coat-
ing increased with the increase in nanosilica loading (Chantarachindawong et al. 
2012). A polydimethylsiloxane elastomer filled with organically modified montmo-
rillonite nanoclay was tested using ANT (Charitidis and Koumoulos 2012). Authors 
compared the results obtained from Oliver-Pharr and Hertizian methods. The slope 
of Hardness/Modulus suggested that addition of nanoclay strengthens the resultant 
PDMS-nanoclay nanocomposite.

The ANT has been successfully applied on the soft materials to study the tri-
bological properties. In a study, silicone based contact lens were tested using 
nanoindentation technique. The experiments were conducted in both liquid as 
well as dehydrated conditions. It was noticed that the stiffness of the hydrogel lens 
changed dramatically when tested in dehydrating conditions (Zhou et al. 2013). 
Similarly, nanoindentation was performed on silicone contact lens using colloi-
dal probe supported on atomic force microscope. Authors studied the lubricity 
of a soft hydrogel on contact lens and recorded the soft elastic modulus value of 
approximately 25 kPa (Dunn et al. 2013).

4  Substrate Independent Nanoindentation

The nanomechanical properties derived using Oliver-Pharr model is often influenced 
by the substrate effect. In order to minimize the substrate effect, the values are often 
extracted from the 1/10th of the film/coating surface. It is worth noting that for very 
thin films this 10 % rule is not effective. However, these values are not a true repre-
sentation of the values from the bulk of the material. Recently, Hay and Crawford 
(2011) proposed a model that can accurately predict the intrinsic properties of the 
bulk material provided that properties of the substrate are known. Their, model is 
based on Song-Pharr and Gao (S–P & G) model that assumes that material under the 
indenter tip can be treated as a column (Fig. 8a). The film and substrate within the 
column are treated as two springs connected in series. This S–P & G model resulted 
into apparent shear modulus (μa) related to the shear modulus of the film (μf) and 
that of the substrate (μs) by the expression showing in Eq. (8)

where I0 is weighting function derived by Gao et al. (Huajian et al. 1992) that 
represents the ratio of the strain energy stored in the film region to the total 
stain energy stored in the half space. Hay and Crawford improved the S–P & G 
model by assuming that film can also act as a spring in parallel with the substrate 
(Fig. 8b). Based on this assumption, they proposed a model shown in Eq. (9).
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where, F is a dimensionless empirical constant. The Young’s modulus of the film 
is calculated by solving the Eq. (9) for shear modulus and related with Poisson’s 
ratio as in Eq. (10).

The hardness and modulus values of QCS coating were determined by traditional 
(surface dependent, SDM) and substrate independent methods (SIM). It can be seen 
from Fig. 9 that modulus value determined by SDM was affected by the substrate at 
higher contact depth. The hardness value determined from 1/10th of thickness of the 
coating and using SDM was similar to the value obtained from SIM.

(10)Ef = 2µf (1 + νf )

Fig. 8  Models used for the calculation of shear modulus. a S-P & G model. b H-C model. 
Reproduced after modification from Hay and Crawford (2011)

Fig. 9  Comparison between hardness and modulus values from QCS coating using traditional 
and surface independent nanoindentation measurement techniques
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5  Nano-Scratch Tests

The coating performance depends on its ability to resist mars and scratches. 
Researchers have proposed several techniques and test methods; however, none of 
them are as precise as the nanoscale scratch testing, which uses ANT. The scratch 
test helps determine the mechanism that causes the deformation of materials as 
well as the delamination of coatings. During a scratch test, the load normal to 
the sample is controlled and can be held constant, increased or decreased while 
scratch path and scratch velocity are defined in the test method.

In a typical scratch experiment, a ramp load is applied to an indenter head in 
the normal direction as it simultaneously moves on the sample surface in a lateral 
direction. The instrument controls the normal force and lateral displacements of 
the sample (in some cases indenter) while the lateral force and normal displace-
ment is recorded as a function of time. Critical information such as the coefficient 
of friction, cross profile topography, residual deformation and pile-up of material 
during the scratch can be obtained as a function of scratch distance.

When a coating is subjected to a scratch test, the indenter can pass through 
three key regimes in the material: elastic, plastic and fracture. The fracture is fol-
lowed by delamination and chipping off the coated surface. The estimation and 
application of the correct load required to study the above mentioned deforma-
tions is extremely valuable. The high load can fracture the coating upon contact, 
eliminating the appearance of the other two regimes. Generally, several different 
loads are applied on the sample under study and the deformations on the sample 
are monitored. The inception of the fracture that appears on the curve is confirmed 
under the high magnification/resolution microscope.

5.1  Nanoscratch Studies on the Silicones

The nanoscratch analysis using ANT is one of the superior methods available to 
understand the mechanical failure modes in materials. Several attempts have been 
made so far to investigate the surface behavior of the wide variety of substrates 
(Chantarachindawong et al. 2012; Dunn et al. 2013). Tanglumlert et al. (2006) pre-
pared a hard coating suspension to improve the scratch resistance of polymethyl-
methacrylate surface. A coating solution was formulated by reacting silatrane with 
GTMS in the presence of an acid catalyst. Authors found that the scratch resistance 
of the coated surface increased with the increase in alkoxysilane content in the coat-
ing. Authors also discovered that the curing time and curing temperature affected 
the scratch resistance and adhesion properties of the coating layer. Nanoscratch tests 
have also been used to calculate the fracture toughness of the materials (Zhang and 
Zhang 2012). Atomic force microscope (AFM) assisted nanoscratch testing has been 
accomplished by Verma et al. (2012). The AFM images of the scratched regions 
demonstrated that PDMS modified polyester coating display enhanced scratch 
resistance compared to the pristine polyester coating.
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Figure 10 shows the penetration curve along with residual surface morphology 
as a function of the scratch distance for QCS coating. The original morphology of 
the coating was smooth with curvature. It appears from the penetration curve that 
the progressing load bearing the indenter tip pushed the material and fractured at a 
critical load of approximately 42 mN after travelling a scratch distance of 740 μm. 
The estimated thickness of the coating was approximately 5 μm, and the depth at 
critical load was approximately 2.0 μm. It is speculated that coating cracked and 
fractured simultaneously. The SEM images of the initiation, propagation and ter-
mination steps during the scratch suggested that the indenter scratched the surface 
after which the surface cracked. Moreover, the coating and substrate chipped-off at 
the termination point of the scratch test.

Fig. 10  Nanoscratch analysis of coated material. SEM images showing initiation, propagation 
and termination steps in QCS coating. Reproduced after (Tiwari and Hihara 2012)

Fig. 11  Parameters derived from nanoscratch testing of silicone coating. a Friction coefficient as 
a function of scratch distance. b Cross profile topography
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The coefficient of friction (COF) curves as a function of scratch distance is 
shown in Fig. 11a. The curves from at least three tests are shown for better clarity 
and COF value was determined at a scratch distance of 750 μm. The cross profile 
topography (CPT) of coatings as a function of cross profile distance is shown in 
Fig. 11b. The CPT was acquired after the end of the scratch test and when the load 
was 10 mN. The positive values on the X-axis show the right side of the groove 
while the negative values in the X-axis show the left side of the groove. Similarly, 
the positive values on the Y-axis show the pile-up after the scratch while the nega-
tive values in the Y-axis show penetration in the coated material. In QCS coating 
the depth of penetration was approximately 60 nm with random shape. The incon-
sistent shape of the groove and wide scratch width for QCS suggested that the 
material was hard and brittle in nature.

6  Dynamic Mechanical Analysis

The viscoelastic behavior of coatings can also be investigated using nanoindentation 
technique (Herbert et al. 2008). The stress–strain relationship of the materials dis-
playing linear viscoelastic properties under sinusoidal loading is shown in Eq. (11):

where σ is the stress, εo is the strain amplitude, ω is the angular frequency and t is 
the time elapsed. Rearranging Eq. (11) we get Eqs. (12) and (13):

and

where σo is the stress amplitude, φ is the phase lag between stress and strain and 
E′ and E″ are storage and loss modulus respectively. The term E′ represents the 
capacity of material to store energy, a component that is in phase with the applied 
load or displacement. The term E″ represents the capacity of material to dissipate 
energy, a component that is 90° out of phase with the applied load or displace-
ment. The ratio E″/E′ represents tanφ, also called loss factor, and is used to meas-
ure the damping characteristic of a linear viscoelastic material. The value of E′ and 
E″ can be used to calculate the complex modulus through the Eqs. (14) and (15):

In order to determine the value of E′ and E″ from a dynamic nanoindentation 
experiment, the equipment supplies a controlled load to the indenter head that 

(11)σ = εoE′
sin ωt + εoE′′

cos ωt

(12)E′ =
σo

εo

cos φ

(13)E′′ =
σo

εo

sin φ

(14)E = E′ + iE′′

(15)|E| =
√

E′2 + iE′′2
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sets the load amplitude while the displacement amplitude and phase angle are 
measured (Odegard et al. 2005). At each test site, the indenter head contacts the 
material’s surface. The indenter vibrates at a certain frequency, and the resulting 
response is measured. The contribution of the instrument to the total response is 
then subtracted to determine the response from the material.

6.1  Visco-Elastic Behavior of Silicones

The use of nanoindentation technique to determine the viscoelastic (VE) behavior 
of coatings is relatively new and yet to be explored in sumptuous detail (Wright 
and Nix 2009). Kohl et al. (2008) investigated the VE properties of three proprie-
tary silicone-based coatings using continuous indentation technique. Authors con-
cluded that the calculated parameters would help them in developing more durable 
silicone based foul release coating compositions.

The VE properties of QCS coatings were analyzed using Berkovich nanoin-
denter tip (Fig. 12). The storage modulus (E′) and loss modulus (E″) values were 
recorded as a function of frequency. The E′ value of pristine coating was seen 
independent of frequency while the E″ value increased slightly with the test fre-
quency. Three concentrations (0.1, 0.3 and 0.5 wt %) of polymer coated silicon 
di-oxide (SiO2) nanoparticles having an average diameter of 90 nm were added to 
the QCS coating composition. The three nanocoatings were again subjected to VE 
studies. This exercise reveals whether adding nanoparticles changes VE properties 
of a coating. It appears from Fig. 12 that the E′ value in nanocoatings remained 

Fig. 12  Viscoelastic response obtained from QCS coating. Change in viscoelastic response was 
observed on incorporating silicon nanoparticles
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unaffected by the test frequency. However, the E″ value for each nanocoating 
changed with the frequency. On comparing with pristine, E″ values were higher 
at lower frequencies for each nanocoating, indicating that the relaxation process 
associated with the regime containing nanoparticles.

It is worth mentioning that molecular motions that are associated with poly-
mer materials are more prominent at lower frequencies. On the other hand, such 
transitions are not visible at higher frequencies because molecules may not have 
enough time to undergo rapid molecular transformations. In other words, at lower 
frequencies, molecules have a longer time to react and the viscous term dominates 
while at a higher frequency molecules may not have sufficient time to relax and 
the response is mainly due to elasticity with limited viscous nature.

In above mentioned QCS coatings, the quasi-linear increment in E″ for pristine 
as well as nanocoatings could be due to the high frequency that leads to a higher 
loading rate effect. VE tests suggested that the incorporation of nanoparticles in 
the QCS coating formulation generates free volume in the resultant nanocoating 
structure and the domains modified by nanoparticles were distributed in the coat-
ing network. The temperature during the analysis was kept constant; therefore, the 
change in glass transition temperature could not be monitored.

7  Concluding Remarks

The automated nanoindentation technique has been proven to be an invaluable tool 
for the estimation of mechanical properties of the materials in nanoscale regime. 
The use of this technique has shown tremendous growth in past 15 years. The 
development of new test methods that record intrinsic properties of the material 
while negating the substrate effect will help in accurate determination of mechani-
cal deformations in coatings as well as substrates. This technique could help in 
controlling the macroscale deformations that occur inevitable with time. This in 
turn will help researchers in selecting suitable ingredients so that the service life 
span of the materiel can be enhanced.
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Abstract Metals, oxides and alloys are widely used in transport and industry-
engineering applications, due to their functionality. In this work, the nanome-
chanical properties (namely hardness and elastic modulus) and nanoscale 
deformation of metals, oxides and alloys (elastic and plastic deformation at cer-
tain applied loads) are investigated, together with pile-up/sink-in deformation 
mechanism analysis, subjected to identical condition parameters, by a combined 
Nanoindenter—Scanning Probe Microscope system. The study of discrete events 
including the onset of dislocation plasticity is recorded during the nanoinden-
tation test (extraction of high-resolution load–displacement data). A yield-type 
pop-in occurs upon low applied load representing the start of phase transforma-
tion, monitored through a gradual slope change in the load–displacement curve. 
The ratio of surface hardness to hardness in bulk is investigated, revealing a clear 
higher surface hardness than bulk for magnesium alloys, whereas lower surface 
hardness than bulk for aluminium alloys; for metals and oxides, the behavior 
varied. The deviation from the case of Young’s modulus being equal to reduced 
modulus is analyzed, for all three categories of materials, along with pile-up/
sink in deformation mechanism. Evidence of indentation size effect is found and 
quantified for all three categories of materials.

1  Introduction

Nanoindentation provides load-depth curves for a monotonically increasing 
load, leading to the precise determination of different properties such as yield 
strength, hardness, elastic modulus, wear characteristics, etc. The usefulness of 
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nanoindentation to obtain the fundamental mechanical properties of materials has 
been widely demonstrated previously (e.g.). The nanoindentation test can pro-
vide information about the mechanical behaviour of the material when it is being 
deformed at the sub-micron scale. With the development of nanoindenters dis-
placement discontinuities or discrete bursts (pop-in, pop-out and elbow phenom-
ena) have been observed. These are characteristic of energy-absorbing or energy 
releasing events, occurring beneath the indenter tip.

The onset of plasticity in crystals is demonstrated by discrete bursts in the load-
displacement curves, which are attributed to the initial nucleation of individual 
lattice dislocations (Gerberich et al. 1996). For such small indentations the crys-
tal volume probed is typically so small as to be dislocation free. Thus indentation 
size effects at the nanometer scale are associated with the crystal being dislocation 
starved and requiring the nucleation of dislocations to initiate plasticity (Nix et al. 
2007; Kelchner et al. 1998; Li et al. 2002). However, the pop-in may be associated 
with fracture of a surface oxide layer on some materials or may be connected with 
phase transformations widely reported in nanoindentation experiments of Si and 
ceramics (Schuh 2006; Venkataraman et al. 1992). Nevertheless, pop-in event is not 
a prerequisite condition for a permanent plastic deformation, since as reported dur-
ing nanoindentation experiments many load curves show no excursion but did show 
plastic deformation. Also, plastic deformation behavior (residual impression 4 nm) 
was observed at indentation depth that was below the critical depth conducive to 
the pop-in event, which indicates that some dislocations were generated even before 
the pop-in event (Navamathavan et al. 2008). The first pop-in separates the region 
of fully elastic behavior, at lower loads from the region of elasto-plastic behavior at 
higher loads (Rabkin et al. 2010). When the first pop-in occurs, the maximum shear 
stress in the specimen is in the range of G/30–G/5 (G-shear modulus), which is very 
close to the theoretical strength (Ogata et al. 2004). Pop-in loads vary over a wide 
range, and theoretical predictions based on a stress-assisted, thermally-activated, 
homogeneous-dislocation-nucleation model agree well with the experimentally 
measured statistical values (Chiu and Ngan 2002; Schuh and Lund 2004; Bei et al. 
2008; Vliet et al. 2003; Schuh et al. 2005; Mason et al. 2006).

The strength of metals, oxides and alloys is strongly influenced by grain size 
(Kumar et al. 2003; Gleiter 2000). Materials in the nanocrystalline regime are char-
acterized by superior yield and fracture strength, improved wear resistance, super-
plasticity observed at relatively low temperatures and high strain rates as compared 
with their microcrystalline counterparts (Masumura et al. 1998). According to the 
classical Hall–Petch law the yield or flow stress required for continuous plastic 
deformation increased with decreasing grain size. This phenomenon which observed 
for conventional grain size materials (1–100 μm diameter) is reversed in nanoscale 
since the yield stress decreased with decreasing grain size, below a critical grain 
size (d ≈ 10 nm) for a variety of metals and alloys (Aifantis and Konstantinidis 
2009). In fact, microstructures resulting in high long-life fatigue resistance will gen-
erally yield lower thresholds for fatigue crack growth, especially in ultra-fine and 
nanocrystalline regimes (Cavaliere 2009). Although mechanical properties of metals 
and oxides differ markedly in the bulk, they have an intriguingly similar response 
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to nanoindentations. Into nanoindentation regime, oxides, under certain conditions 
show a ductile response such as metals (Navarro et al. 2008). The onset of plasticity 
of engineering materials has been systematically investigated by means of two com-
plementary techniques: macroscopic tensile or compression tests and depth-sensing 
nanoindentation. The scope of this research effort is to gain insight into the defor-
mation mechanisms involved in local plasticity during nanoindentation of metals, 
oxides and alloys through mechanism investigation and correlation of ideal elastic 
modulus, hardness and Poisson ratio using nanoindentation data.

2  Experimental Details

2.1  Materials

The materials used in this work were selected on the basis of representing each main 
category of materials, i.e. metals (namely Cu, Co, Al, Ni, Pb and Si), aluminum 
(namely AA2024, AA5083, AA6082 and AA7075) and magnesium (namely AZ31, 
ZK10 and ZK30) alloys and oxides (namely Al2O3, TiO2, SiO2, Co3O4 and NiO).

2.2  Instrumentation: Approach

Nanoindentation testing was performed with Hysitron TriboLab® Nanomechanical 
Test Instrument, which allows the application of loads from 1 to 30,000.00 μN and 
records the displacement as a function of applied loads with a high load resolution 
(1 nN) and a high displacement resolution (0.04 nm). The TriboLab® employed in 
this study is equipped with a scanning probe microscope (SPM), in which a sharp 
probe tip moves in a raster scan pattern across a sample surface using a three-axis 
piezo positioner. In all nanoindentation tests a total of 10 indents are averaged to 
determine the mean hardness (H) and elastic modulus (E) values for statistical pur-
poses, with a spacing of 50 μm, in a clean area environment with 45 % humidity and 
23 °C ambient temperature. In order to operate under closed loop load or displace-
ment control, feedback control option was used. All nanoindentation measurements 
have been performed with the standard three-sided pyramidal Berkovich probe, with 
an average radius of curvature of about 100 nm (Charitidis 2010).

Based on the half-space elastic deformation theory, H and E values can be 
extracted from the experimental data (load displacement curves) using the Oliver-
Pharr (O&P) method (Cheng et al. 2002), where derived expressions for calcu-
lating the elastic modulus from indentation experiments are based on Sneddon’s 
elastic contact theory (Eq. 1) (Sneddon 1948).

(1)Er =
S
√

π

2β
√

Ac
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where S is the unloading stiffness [initial slope of the unloading load-displacement 
curve at the maximum depth of penetration (or peak load)], A is the projected con-
tact area between the tip and the substrate and β is a constant that depends on the 
geometry of the indenter [β = 1.167 for Berkovich tip (Oliver and Pharr 1992)]. 
Conventional nanoindentation hardness refers to the mean contact pressure; this 
hardness, which is the contact hardness Hc is actually dependent upon the geom-
etry of the indenter (Eqs. 2–4).

where,

and

where hm is the total penetration depth of the indenter at peak load, Pm is the peak 
load at the indenter displacement depth hm, and ε is an indenter geometry constant, 
equal to 0.75 for Berkovich indenter. Prior to indentation, the area function of the 
indenter tip was calibrated in a fused silica, a standard material for this purpose 
(Bei et al. 2005).

Plasticity is quantified based in the relation Wtot−Wu

Wtot
 (where Wtot is the 

work of total indentation process and Wu is the work during unloading). It has 
recently established an approximately linear correlation ( H

E∗ = k Wu

Wtot
 where 

k is a function of θ) between Wtot−Wu

Wtot
 and H

E∗, first for a given indenter geom-
etry (i.e. θ=90°) and later for conical indenters of a range of angles 60°<θ<80° 
(Cheng et al. 2002). From this relationship, the ratio H

E∗ can be obtained readily 
by integrating the loading–unloading curves to obtain Wu

Wtot
. The ratio H

E∗ is of  
significant interest in tribology. This ratio multiplied by a geometric factor is the 
“plasticity index” that describes the deformation properties of a rough surface 
in contact with a smooth surface (Williams 1994). When the plasticity index is 
much less than unity, the deformation of asperities is likely to be entirely elastic.

3  Results and Discussion

3.1  Input Functions, Load–Displacement Curves

The relation (input function) of displacement change to time for the materi-
als examined in this work is plotted in Fig. 1 (schematic trapezoidal load-time 
P = P(t) input function). The loading–unloading curves of the probed materials 
(representative) are presented in Fig. 2 (comparison of probed materials is pre-
sented, for applied load of 5,000 μN); pure Ni exhibits higher resistance to applied 

(2)Hc =
F

A

(3)A(hc) = 24, 5h2
+ a1h + a1/2h1/2

+ . . . + a1/16h1/16

(4)hc = hm − ε
Pm

Sm
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load (higher applied load values were needed for Ni to reach the same displace-
ment of the rest of the materials). In the case of AA6082-T6, greater plasticity is 
revealed, i.e. energy stored at the material after the indentation is over (total inte-
gration of curve area), with AA2024 exhibiting higher elastic recovery (Fig. 3), in 
case of 5,000 μN of applied load.

In Fig. 3, the comparison of plastic deformation of metals reveals a low plastic-
ity at low loads for the metalloid Si, implying enhancement of elasticity for weaker 
loads, while Cu, Al and Pb being the most plastic. This phenomenon at low loads 
may be attributed to the real physical effect of superelastic behavior of materi-
als under microNewton scale forces, due to the inactivation of dislocations. It may 
also be an artifact due to the piling-up of the surface during indentation. Pile-up is 
the tendency of softer materials to overflow plastically out of the indented region 

Fig. 1  Schematic trapezoidal 
of load-time P = P(t) 
function for nanoindentation 
experiment

Fig. 2  Representative 
loading–unloading curves of 
metals and alloys for applied 
load of 5,000 μN



128 E. P. Koumoulos et al.

Fig. 3  Plasticity of (a) 
metals, (b) oxides and (c) 
alloys
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(further analysis below); this phenomenon is connected to the material, which is 
really soft, and also to the geometry of the tip (decreasing the corner angle of the tip 
increases the plastic deformation of the material and thus its pile-up) and it leads to 
an overestimation of H and E (underestimation of the contact area). In oxides, Co3O4 
exhibits a more stable plastic deformation across various displacements (~50 %), 
while Al2O3 ends up (at greater displacements) with the highest plastic deformation. 
Brass, aluminum and magnesium alloys exhibit an almost similar behaviour in plas-
tic deformation, with AA2024 being more elastic at greater displacements.

3.2  SPM Imaging, Nanomechanical Properties

In Fig. 4, SPM imaging (10 × 10 μm) of all samples is presented.
At each imposed depth E and H can be deduced from the curves. The graphs 

in Figs. 5, 6, 7 show the mean value of the H measurements as a function of the 
imposed displacement. As the indentation depth decreases below 100 nm, a rapid 
increase of the H value is observed. This rapid increase is probably a combination 
of either the real effect of a native oxide at the surface or an effect of the polish-
ing procedure, or an artefact of the shape of the indenter tip for shallow displace-
ments (Bei et al. 2005; Charitidis et al. 2012; Sangwal 2000). The high hydrostatic 
pressure exerted by the surrounding material allows plastic deformation at room 
temperature when conventional mechanical testing only leads to fracture. At low 
loads one phenomenon is very much prominent which is called Indentation Size 
Effect (ISE) due to imperfection in tip geometry. In several studies of materials 
ISE is revealed, which shows an increase in hardness with decreasing applied 
load. In a few cases, the hardness has been observed to decrease with decreasing 
indentation depth—the reverse ISE (Sangwal 2000). Apparently, the existence of 
ISE may hamper the accurate measurement of hardness value, and is attributed 
to experimental artifact, a consequence of inadequate measurement capability or 
presence of oxides on the surface. Other explanations include indenter-specimen 

Fig. 4  Pile-up of final imprints through SPM imaging
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friction, and changing dislocation density for shallow indents due to the pres-
ence, for instance, of geometrically necessary dislocations. Most of the disloca-
tions stay generally confined around the residual imprint in a dense structure with 
many dislocation interactions (Charitidis et al. 2012). The reverse ISE phenom-
enon essentially takes place in crystals which readily undergo plastic deformation. 
The reverse ISE can be caused by: (1) the relative predominance of nucleation and 
multiplication of dislocations and (2) the relative predominance of the activity of 
either two sets of slip planes of a particular slip system or two slip systems below 
and above a particular load (Sangwal 2000).

Göken et al. proposed a method correcting pile-up effects and possible surface 
roughness (Göken et al. 2001). This method allows determining a correction factor 
for H based on the relation between the indentation modulus and Young’s modu-
lus, where Vlassak and Nix reported that E is highly dependent on the crystallo-
graphic orientation but that H is not (Vlassak and Nix 1994).

Fig. 5  Hardness of metals 
for various displacements

Fig. 6  Hardness of oxides 
for various displacements
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Kese and Li proposed a method for accounting for the pile-up by consider-
ing the added pile-up contact area as semi-ellipses around Berkovich triangu-
lar impression (Kese and Li 2006), performed with post AFM scanning of the 
indented surface and measurement of the pile-up contact width for each of the 
three possible pile-up lobes. Lee et al. proposed a different approach by measuring 
the modulus of the material from early Hertzian loading analysis and using it to 
predict the pile-up (Lee et al. 2007). Some recent works in this field have reported 
study of pile-up around spherical indenters spherical-conical indenters, (Taljat and 
Pharr 2000; Maneiro and Rodriguez 2005) and also the effect of pile-up on thin 
film system measurements (Zhou et al. 2003).

In Figs. 8, 9, 10, the mean value of the elastic modulus is plotted versus the 
depth of the indentation. For aluminum alloys, an almost constant value for E 
(Eb for constant values over displacement) is obtained over the different applied 
test conditions, which seems reasonable. A range of values of ~50–100 GPa is 

Fig. 7  Hardness of alloys for 
various displacements

Fig. 8  Elastic modulus 
of metals for various 
displacements
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obtained which is in fairly good agreement with the reported Young’s modulus 
in literature (Calister 1990). The same is true for brass that leads to a value of 
~100 GPa, relatively close to the 110 GPa reported (Sevillano et al. 2000). The 
deviation from these standard values is attributed to the elastic modulus values 
which are calculated by using the contact area from the indentation displacement 
considered since the first contact point with the initial flat surface, as described 
by the Oliver and Pharr method (1992). However, the plastically deformed zone 
around the indented area can pile-up against the indenter or sink-in, depending on 
the material’s work hardening. The consequence of this behaviour is a slight devi-
ation from the standard values of the elastic modulus (Rodriguez and Gutierrez 
2003). For brass, Vlassak and Nix determine 25 % of scatter between indentation 
modulus determined for different crystallographic orientations, but even higher 
discrepancies can be found, depending on the material (Vlassak and Nix 1994).

Fig. 10  Elastic modulus 
of alloys for various 
displacements

Fig. 9  Elastic modulus 
of oxides for various 
displacements
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In Figs. 11, 12, 13a, the square of the nanohardness value obtained in the 
indentation tests is plotted as a function of the reciprocal of the indentation 
depth. It can be seen that a linear relation is closely followed for the most of the 

Fig. 11  a Square of the 
nanohardness value against 
the inverse of the depth. b 
Comparison of hardness 
at bulk and extrapolated 
hardness. c Hardness change 
of metals
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materials, in agreement with literature (Schwaiger et al. 2003). The value of the 
hardness at infinite depth, H0, can be estimated by extrapolating the mentioned 
linear relations to 1

h
= 0. In the literature, however, it is reported that nanoinden-

tation hardness data do not follow this linear trend over the whole measurement 
range (Lim and Chaudhri 1999; Swadener et al. 2002), an evident phenomenon 
observed also in this work. Instead, at small indentation depths they start to devi-
ate from the predicted linear curve. The obtained values for hardness at infinite 
depth are shown in the table embedded in Fig. 13a. The comparison of H0

 and 
mean H at surface region (0–400 nm) (Hs) is presented in Figs. 11, 12, 13b–c, 
where hardness at infinite displacement clearly matches with Hs for AA6082-T6, 
brass and AA5083-H111. However, comparison of both hardness values of e.g. 
pure Ni and AA2024 exhibit great deviation (reduced plastic deformation in higher 
applied loads, dominated by sink-in), revealing that in order to reach constant 

Fig. 12  a Square of the nanohardness value against the inverse of the depth. b Comparison of 
hardness at bulk and extrapolated hardness. c Hardness change of oxides
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nanomechanical properties (of bulk material), indenting in greater displacement is 
needed.

Although mechanical properties of metals, alloys and oxides differ markedly 
in the bulk, they have an intriguingly similar response to nanoindentations. When 

Fig. 13  a Square of the 
nanohardness value against 
the inverse of the depth. b 
Comparison of hardness 
at bulk and extrapolated 
hardness. c Hardness change 
of alloys
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scaling down into the nanoindentation regime, e.g. oxides, which in the bulk are 
known to be brittle, under certain conditions show a ductile response in which the 
nucleation of cracks is averted (Rhee et al. 2001). Some of these surfaces can even 
transit between as the external load increases, so does the average pressure. Once 
the resolved shear stress attains a certain threshold value the crystal yields and dis-
location loops are generated. Then, the pressure is partially released and a low-
energy-barrier dislocation loop source begins to operate. Comparing metals and 
oxides, we remark that in the nanoindentation region, the ratio between the respec-
tive hardnesses Hoxide

Hmetal
 varies (Navarro et al. 2008) (Fig. 14).

We turn now to the different behaviours of the three categories of materials using 
the ratio q between their hardness’s in the surface region and in the bulk (i.e. extrap-
olated hardness at infinite displacement), i.e. q = Hs

H0

. During the nanoindentation 
process of metals, alloys and oxides surface the effective volume that is probed is 
small enough to avoid encompassing any pre-existing dislocations. Under these con-
ditions, following the nucleation of the first yield point, the hardness in the region 
of constant low hardness corresponds to the operation of a low-barrier dislocation 
source. In the case of q > 1, as the tip excursion progresses into the bulk, pre-exist-
ing dislocations able to glide start being activated. The hardness is now controlled, 
Taylor-type, by the work hardening related to the dislocation density. As is well 
known, this results in a rather low value of H0, smaller than the one correspond-
ing to the operation of the loop source, and one ends up with a value of q ≫ 1. On 
the other hand, the case of q < 1 is probably attributed to the fact that in the bulk, 
pre-existing dislocations are pinned and stresses cannot make them glide. The reason 
why low-barrier dislocation sources, similar to the ones proposed to control hardness 
in the low effective volume limit, do not seem to operate in the bulk is not yet clear. 
The following explanation may exist; dislocations introduced by the source can 
interact with pre-existing pinned dislocations -or even among themselves-resulting 

Fig. 14  Hbulk/H0 ratio for all categories
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in very immobile locks, which further impede the motion of subsequently nucleated 
dislocations. If the effective volume is small, no pre-existing dislocations exist in it 
and the locking does not take place (Navarro et al. 2008).

3.3  Pop ins-Power Law

Figure 15 shows that the loading–unloading curves for all samples, exhibit inter-
esting local discontinuities measured in the load-controlled test of this work; 
these are characteristic of energy-absorbing or energy-releasing events occur-
ring beneath the indenter tip. Three different physical phenomena usually occur 
in nanoindentation testing of metals of various states of bonding and structural 
order; dislocation activity during a shallow indentation, shear localization into 
‘shear bands’, and phase transformation with a significant volume increase during 
unloading of indentation (Schuh 2006).

Many materials undergo phase transformations when subjected to large hydro-
static stresses, and the pressure beneath a nanoindenter is generally quite high (on 
the order of several GPas) (Schuh 2006). Association of pop-in events with the 
beginning of material phase transformation is simple a revelation of sudden extru-
sion of highly plastic transformed material from underneath the indenter. The sud-
den displacement discontinuities, i.e. the pop-ins, were observed in the loading 
part. The first pop-in (referred as yield type pop-in in literature) implies that strain 
is accommodated by an abrupt existence of atomic activity beneath the indenter, 
that could be attributed to activation of a dislocation source (Schuh 2006).

Small displacements are equivalent to a linear-elastic response; the curvature of 
the free energy diagram at an equilibrium position gives rise to a particular elas-
tic constant, represented by the initial slope in a force distance diagram. Larger 
displacements elicit a non-linear response. However, one property of particular 
interest is the theoretical shear strength of the material: the limit where a further 
increase in displacements elicits no further increase in the restoring force. The 
general relationship between the applied load (P) and the penetration depth (h) of 
an indenter may be described by power law as P = ahb where the constants a and 
b are geometric and material parameters, respectively (Charitidis 2010).

Load-unload curves often reveal discontinuities or pop-ins in the loading part. 
Various examples are reported in the literature for metals, although a complete 
explanation of this behaviour has been under investigation (Schuh et al. 2005). 
While yield points reported for Si and some other ceramics may be connected 
to phase transformations [when the mean contact pressure of hardness indenta-
tions closely matches the critical pressure a possible structural transformation is 
triggered (Schuh 2006; Johnson 1970)], the exhibited yield points in most of the 
known metals clearly reveal the beginning of dislocation plasticity (the plastic 
deformation of metals occurs by the motion of dislocations). Evaluations of the 
maximum stress under the tip reveal that stress values (almost equal to theoreti-
cal shear stress) occur in the surface of the metal (dislocation activity starts first at 
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the yield type pop-in load), as generation of dislocations in the nano-scale stressed 
volume from the perfect crystal environment (Wo and Ngan 2005).

As shown in Fig. 15, the transition from purely elastic to elastic/plastic defor-
mation i.e. gradual slope change (yield-type ‘pop-in’) of all materials occurs in the 
load–displacement curves, at approximately 10–30 nm. The onset-stress for plastic 
deformation of fcc single crystals of pure metals is very low and their flow stress 
exhibits an extraordinary high hardening capacity. The dislocation structure devel-
oped in a single crystal depends significantly on the applied strain and the path the 
straining is accomplished. It usually starts by the formation of micro and macro 
slip bands and proceeds by the generation of cells and cell block structures. Further 
deforming, keeps the process of fragmentation on. Finally, at very large strains a satu-
ration structure with a minimum crystallite size is reached. For copper single crystals 
deformed at room temperature, this crystallite size is in the order of a few 100 nm.

The indenter displacement in most of the cases is accommodated plastically, and 
only a small portion is elastically recovered on unloading. Discontinuity in load 

Fig. 15  Hertzian elastic fit to 
representative indentations on 
metals and alloys
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displacement, which is commonly referred as ‘pop-in’ effect (Fig. 16), was observed 
frequently in aluminum, indicating a process of producing mobile dislocations. The 
initial pop-in is usually associated with homogeneous dislocation nucleation, while 
subsequent similar events often involve avalanches of dislocation activity (Wo and 
Ngan 2005). In addition to defects, there may be residual stresses in the surface 
which influence the occurrence of the initial discontinuities in the load–displacement 
curve (Charitidis et al. 2012). Additionally, roughness such as surface steps could 
act as stress concentrators or alternatively exhibit a long-range effect of the order of 
several contact radius (Zimmerman et al. 2001). Gogotsi et al. (2000), Domnich and 
Gogotsi (2002) and Juliano et al. (2003) proposed that the “pop-out” behavior cor-
responds to the formation of metastable Si-XII/Si-III crystalline phases, in case of 
silicon nanoindentation. High stresses can cause plastic deformation not only by dis-
location activity, but also by pressure-induced phase transformations to denser crys-
talline and amorphous forms (Ge et al. 2004). The transformation mechanisms are 
dependent on the indentation testing conditions e.g. peak load and loading/unloading 
rate or indenter angle (Jang et al. 2005). This results in a change in the unloading 
curve either as a “pop-out” or elbow phenomenon (Fig. 16), which indicates a lower 
contact depth, hc, and therefore may influence the calculation of hardness. Thus, the 
experimental measurement of the hardness of indented materials is slightly higher 
than that of the ideal value.

3.4  Pile-up/Sink-in Deformation

The contact area is influenced by the formation of pile-ups and sink-ins during the 
indentation process. To accurately measure the indentation contact area, pile-ups/
sinks-ins should be appropriately accounted for. The presence of creep (time/rate 
dependent property of materials) during nanoindentation has an effect on pile-up, 
which results in incorrect measurement of the material properties. Fischer-Cripps 

Fig. 16  Pop-ins and elbows 
indicated in nanoindentation 
loading–unloading curves
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observed this behaviour in aluminum where the measured elastic modulus was 
much less than expected (Fischer-Cripps 2004). Rar et al. observed that the same 
material when allowed to creep for a long duration produced a higher value of 
pile-up/sink-in indicating a switch from an initial elastic sink-into a plastic pile-up 
(Rar et al. 2005). Significant pile-up forms for materials start from an hc

hm

 value of 
0.7–0.88 (Khan et al. 2010).

In Fig. 17a–c, the normalized pile-up/sink-in height hc

hm
 is plotted versus the 

normalized hardness H
E

 for all samples. It is reported that materials with high H
E

, 
i.e. hard materials, undergo sink-in whereas materials pile-up for low H

E
, i.e. soft 

materials. In general it is also observed that in the case when H
E

 is high (hard 
materials), materials undergo sink-ins regardless of work hardening and strain 
rate sensitivity and all materials collapse to a single curve. In addition, for mate-
rials with low H

E
, soft materials, pile-up depends on the degree of work harden-

ing (Charitidis et al. 2012). Softer materials, i.e., low H
E

, possess a plastic zone, 
which is hemispherical in shape and meet the surface well outside the radius of 
the circle of contact and pile-up is expected. On the other hand, for materials 
with high values of H

E
, i.e. harder materials, the plastic zone is contained within 

the boundary of the circle of contact and the elastic deformations that accommo-
date the volume of indentation are spread at a greater distance from the indenter. 
Higher stresses are expected in high H

E
, hard materials, and high stress concentra-

tions develop towards the indenter tip, whereas in case of low H
E

, soft materials, 
the stresses are lower and are distributed more evenly across the cross-section of 
the material (Charitidis et al. 2012). Rate sensitive materials experience less pile-
up compared to rate insensitive materials due strain hardening. Cheng and Cheng 
reported a 22 % pile-up for a work hardening exponent (Cheng and Cheng 1998). 
This is consistent with the fact that when hc

hm
 approaches 1 for small H

E
, deforma-

tion is intimately dominated by pile-up (Hill et al. 1989). On the other hand 
when hc

hm
 approaches 0 for large H

E
 it corresponds to purely elastic deformation 

and is apparently dominated by sink-in in a manner prescribed by Hertzian con-
tact mechanics (Hertz 1986). The dependence on the elastic–plastic behaviour of 
the material is related to the response of the material being indented (Hertz 1986). 
The degree of sink-in or pile-up of the materials is reported to be expressed as a 
function of the work hardening exponent (Norbury and Samuel 1928). During 
nanoindentation, materials with a low work hardening exponent accommodate 
the volume of material ejecting it to the sides of the tip (pile-up). In the same 
way, in materials with a high value of n (n > 0.3) the sink-in effect is revealed. 
In both cases, the contact area is different from the cross-sectional area esti-
mated by the method described by Oliver and Pharr (1992). Consequently, there 
is a deviation between the real and the computed area that is controlled by the  
elastic–plastic behavior.
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Fig. 17  Normalised pile-up/
sink-in height hc/hm of 
metals, oxides and alloys 
versus H/E ratio



142 E. P. Koumoulos et al.

3.5  Poisson Ratio and Modulus Correlation

Elastic properties of materials are usually characterized by Young’s modulus, shear 
modulus, bulk modulus and Poisson’s ratio. For isotropic materials only two of these 
elastic constants are independent and other constants are calculated by using the 
relations given by the theory of elasticity. The best choice for these two independent 
moduli is considered as the shear modulus (G) and the bulk modulus (B) (Ledbetter 
1977). The shear modulus relates to strain response of a body to shear or torsional 
stress. It involves change of shape without change of volume. On the other hand, 
the B describes the strain response of a body to hydrostatic stress involving change 
in volume without change of shape. However, the best-known elastic constant is E, 
which is most commonly used in engineering design (Phani and Sanyal 2008).

Materials with different Poisson’s ratios behave very differently mechanically. 
Properties range from ‘rubbery’ to ‘dilatational’, between which are ‘stiff’ materials 
like metals and minerals, ‘compliant’ materials like polymers and ‘spongy’ materi-
als like foams. The physical significance of ν is revealed by various interrelations 
between theoretical elastic properties (90). At different temperatures and pressures, 
crystalline materials can undergo phase transitions and, attracting considerable 
debate, so too can glasses and liquids  Bridgman 1949; Greaves et al. 2008; Poole 
1997. For ceramics, glasses and semiconductors (Zhang et al. 1985; Perottoni and 
Jornada 2002), B

G
≈ 5

3
 and v → 1

4
. Likewise, metals are stiff (Cottrell 1990; Kelly et 

al. 1967), B
G

 ranging from 1.7 to 5.6 and ν from 0.25 to 0.42 (Kelly et al. 1967). In 
sharp contrast, polymers are compliant and yet they share similar values (Lakes and 
Wineman 2006; Lu et al. 1997): that is, B

G
≈ 8

3
 and ν ≈ 0.33, the difference relating 

to the magnitude of the elastic module, decades smaller than for inorganic materials. 
Poisson’s ratio can be followed through abrupt changes in mechanical properties. For 
example, when metals melt, ν increases from ~0.3 to 0.5 (Santamaria et al. 2009; 
Jensen et al. 2010). During the collapse of microporous crystals, ν rises from direc-
tionally auxetic values to isotropic values of 0.2 typical of many glasses (Valle et al. 
2008; Grima et al. 2000). With densification Poisson’s ratio for glasses continues 
to rise, for silica increasing from 0.19 to 0.33 (Zha et al. 1994). Poisson’s ratio is 
intimately connected with the way structural elements are packed. For gold or plat-
inum-based bulk metallic glasses, for example, which represent some of the dens-
est metals because of the variety of atom sizes, v → 1

2
. Crystalline metals are less 

densely packed, typified by hard metals like steel for which v ≈ 1

3
. By contrast, the 

density of covalent solids is less and so is Poisson’s ratio (Greaves et al. 2011).
Through contact analysis, Eq. 5 is derived:

where E* is the reduced modulus, Ei is the Young’s modulus of the indenter, vi is 
the Poisson ratio of the indenter, Es is the Young’s modulus of the sample and vs is 
the Poisson ratio of the sample.

(5)
1

E∗ =
1 − v2

i

Ei

+
1 − v2

s

Es
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Fig. 18  Deviation from 
E* = Es (red dashed line) 
for (a) metals, (b) oxides 
and (c) alloys through 
nanoindentation
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Analytically, when the so-called reduced modulus is equal to Young’s modu-
lus (E∗ = Es), (Fig. 18) is assumed, then using Eqs. 5 and 6 are derived (for 
Ei = 1140 GPa and vi = 0.07 of diamond indenter): (Fig. 19)

Figure 20 shows the variation of bulk moduli of three categories of samples 
with Young’s moduli. Bulk modulus values (Bnano in Table 1) were estimated from 
nanoindentation Young’s moduli values using Eq. (7) (Barrett et al. 1973):

where E is Young’s modulus, Bnano is bulk modulus, and ν is Poisson’s ratio.

(6)Es =
v2

s

1 − v2

i

Ei = 1175.76 v2

s

(7)E = 3
∗Bnano(1 − 2v)

Fig. 19  Young’s modulus 
correlation with Poisson 
ratio, following obtained 
values

Fig. 20  Plot of bulk modulus 
versus shear modulus for 
metals, oxides and alloys 
through nanoindentation
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Ductility and brittleness relate to the extreme response of materials strained out-
side their elastic limits, so any relationship with v would seem at first non-intuitive. 
However, Poisson’s ratio measures the resistance of a material to volume change 
(B—Bulk modulus) balanced against the resistance to shape change (G—shear 
modulus). Occurring within the elastic regime, any links with properties beyond the 
yield point must necessarily involve the time-dependent processes of densification 
and/or flow, already discussed for glasses above. Just as viscoelastic behaviour is 
expressed in terms of time-dependent bulk and shear modulus, with Poisson’s ratio 
ν(t) gradually changing between elastic values, we might expect the starting value 
of v to provide a metric for anticipating mechanical changes, not just in glasses but 
also in crystalline materials, resulting in ductility (starting from a high v) or embrit-
tlement (starting from a low v). At either extreme the microstructure will play a 
part, whether through cracks, dislocations, shear bands, impurities, inclusions or 
other means (Xi et al. 2005). Although there is no simple link between interatomic 
potentials and mechanical toughness in polycrystalline materials, Poisson’s ratio v 
has proved valuable for many years as a criterion for the brittle-ductile transition 
exhibited by metals (Cottrell 1990; Jiang et al. 2010). The old proposal that grains in 
polycrystalline materials might be cemented together by a thin layer of amorphous 
material “analogous to the condition of a greatly under cooled liquid” has often been 
challenged (Rosenhain et al. 1913). However, recent atomistic simulations of crys-
talline grains and grain boundaries seem to confirm the dynamic consequences of 
this idea in many details (Zhang et al. 2009). The strengths of pure metals at low 

Table 1  Mechanical properties and Poisson ratio of studied materials

Eb 
(GPa)

Hs 
(GPa)

G (GPa) Eb/G Hs/Eb Ho 
(GPa)

q (Hs/Ho) v Bnano 
(GPa)

Metals Cu 65 2.5 44.7 1.45414 0.03846 2.4 1.04167 0.36 232
Co 46.5 4.5 75 0.62 0.09677 1.2 3.75 0.31 122
Al 23.06 1 26 0.88692 0.04337 0.6 1.66667 0.33 67
Ni 125 4.5 76 1.64474 0.036 2.2 2.04545 0.31 328
Pb 16.07 0.2 13.1 1.22672 0.01245 0.2 1 0.44 133
Si 5.125 0.8 50.9 0.10069 0.1561 1.1 0.72727 0.25 10

Alloys a-Brass 90 3.5 40 2.25 0.03889 6.6 0.5303 0.34 281
ΖΚ30 50 1.5 17 2.94118 0.03 3.6 0.41667 0.28 113
ΖΚ10 30 1.4 17 1.76471 0.04667 3.3 0.42424 0.28 68
AΖ31 20 1.5 17 1.17647 0.075 1.4 1.07143 0.28 45
AA2024 40 3 27 1.48148 0.075 11.2 0.26786 0.33 117
AA5083 75 2.5 28 2.67857 0.03333 5 0.5 0.33 220
AA6082 100 2 27 3.7037 0.02 4.6 0.43478 0.35 333
AA7075 85 3 27 3.14815 0.03529 2.38 1.2605 0.33 250

Metal  
oxides

Al2O3 89.37 5.2 18 4.965 0.05819 6.5 0.8 0.22 159
TiO2 38.87 5.2 90 0.43189 0.13378 6.8 0.76471 0.28 88
SiO2 69.41 9 31 2.23903 0.12966 10 0.9 0.17 105
Co3O4 19.83 5 83.71 0.23689 0.25214 3.1 1.6129 0.31 52
NiO 98.46 7 – – 0.07109 3.1 2.25806 0.21 169
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temperatures are known to be mainly governed by the strengths of grain bounda-
ries (Cottrell 1990). These usually exceed the crystalline cleavage strength, which 
is governed by the dynamics of dislocations generated at the crack tip (Kelly et al. 
1967). This would suggest that soft metals like gold, silver or copper might be duc-
tile because they originate from melts that are fragile.

Conversely, hard metals such as tungsten, iridium or chromium might be brittle 
because, as melts, they are stronger. If this were the case then there would be con-
sequences for the density fluctuations frozen into the grain boundaries, which will 
be weaker for soft metals than for brittle metals. By the same token, grain bounda-
ries would be more ergodic in soft compared with brittle metals.

3.6  Indentation Size Effect and Onset of Plasticity

Due to the very low contact area between the indenter and the sample, very high 
stresses can be developed. The high hydrostatic pressure exerted by the surround-
ing material allows plastic deformation at room temperature when conventional 
mechanical testing only leads to fracture. It is revealed that some materials exhibit 
ISE, which shows an increase in hardness with decreasing applied load (Samuels 
1989). Apparently, the existence of ISE may hamper the accurate measurement of 
hardness value, and is attributed to experimental artifact, a consequence of inade-
quate measurement capability or presence of oxides on the surface (Li et al. 1993). 
Other explanations include indenter-specimen friction (Li et al. 1993), and chang-
ing dislocation density for shallow indents due to the presence, for instance, of 
geometrically necessary dislocations (Gaillard et al. 2006).

The Berkovich indenter generates dislocations organized in a quite complex 
way during a nanoindentation test, even for very low deformations (Leipner et al. 
2001), making difficult the formulation for the stress field generated, even during 
an elastic deformation, as well as its modelling. Most of the dislocations stay gen-
erally confined around the residual imprint in a dense structure with many disloca-
tion interactions (Tromas and Gaillard 2004).

Firstly, we used the empirical equation for describing the ISE in the Meyer’s law 
(Kolemen 2006; Sahin et al. 2007), which uses a correlation technique between the 
applied indentation test load and the resultant indentation size using a simple power 
law, Pmax = Chc

n, where C and n are constants derived directly from curve fitting of 
the experimental data. In particular, the constant C is a measure of materials resist-
ant to plastic deformation and the exponent n, sometimes referred to as the Meyer 
index, is usually considered as a measure of ISE. Compared to the definition of the 
apparent hardness, no ISE would be observed for n = 2 (Peng et al. 2004).

The nanoindentation data for the material examined in the present study was plot-
ted in Fig. 21. The data showed power law relationship, implying that the traditional 
Meyer’s law was suitable for describing the nanoindentation data. The calculated 
n values pointed out higher apparent nanohardness values at lower loads, in other 
words, the presence of an ISE. In the bulk, hardness in the plastic stage, measured 
by micro indentations involving large effective volumes, is commonly interpreted in 
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terms of a Nix and Gao mechanism (Nix and Gao 1998). This mechanism, based 
on the pioneering ideas of Taylor (Cottrell 1953), explains the value of hardness in 
terms of the work hardening of the material due to a mixture of pre-existing and 

Fig. 21  Nanoindentation 
applied load plotted contact 
depth for (a) metals, (b) 
oxides and (c) alloys
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geometrically necessary dislocations (GNDs). Often, this leads to the so-called 
indentation size effect, by which hardness increases at low penetration depths. 
Evidence of this ISE has been found both in oxides and metals (Peng et al. 2004). 
In the case of metals, even probing deep in the bulk (no ISE), the values of H are 
larger than the macroscopic yield strength of bulk as hardness in the plastic region 
is controlled by work hardening. In the case of oxides, values of yield strength of 
bulk are not easily found as many micro indentation studies do not intend to resolve 
either the elastic region or the yield point, and directly probe the plastic region. 
Nevertheless, some of the existing values show that H values are on the order of 
yield strength of bulk.

4  Concluding Remarks

Although Hertzian elastic contact theory is commonly used for the evaluation of 
initial load–displacement curves, it may not be an adequate model for all materi-
als. Pure Ni exhibits higher resistance to applied load (higher applied load values 
were needed for Ni to reach the same displacement of the rest of the materials). 
All examined materials, exhibited interesting local discontinuities measured in 
the load-controlled test, which are characteristic of energy-absorbing or energy-
releasing events occurring beneath the indenter tip. In the load–displacement 
curves, brass exhibited earlier transition from purely elastic to elastic/plastic 
deformation i.e. gradual slope change (yield-type ‘pop-in’), followed by pure Ni 
(AZ31 and aluminum alloys exhibited late transition). Aluminum alloys (AA5083 
and AA6082) exhibited significant elbow effect in unloading part. Hardness at 
~400 nm displacement and extrapolated hardness show almost same behaviour 
for examined metals and alloys (in agreement with similar studies in literature). 
Comparison of both hardness values of pure Ni and AA2024 exhibit great devia-
tion (reduced plastic deformation in higher applied loads, dominated by sink-
in), revealing that in order to reach constant nano mechanical properties (of bulk 
material), indenting in greater displacement is needed. Additionally it has to be 
considered, that in case the imprint size is significantly larger than the dimension 
of the deformation-controlling microstructure, the hardness should be independent 
of the imprint size. The ratio of surface hardness to hardness in bulk was investi-
gated, revealing a clear higher surface hardness than bulk for magnesium alloys, 
whereas lower surface hardness than bulk for aluminum alloys; for metals and 
oxides, the behaviour varied. Furthermore, the deviation from the case of Young’s 
modulus being equal to reduced modulus was also studied, for all three catego-
ries of materials, along with pile-up/sink in deformation mechanism. Evidence of 
Indentation Size Effect (ISE) has been found both in oxides and metals. In the 
case of metals, even probing deep in the bulk (no ISE), the values of H are larger 
than the macroscopic yield strength of bulk as hardness in the plastic region is 
controlled by work hardening. In the case of oxides, values of yield strength 
of bulk are not easily found as many microindentation studies do not intend to 
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resolve either the elastic region or the yield point, and directly probe the plastic 
region.
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Abstract This chapter reviews the creep or viscoelastic deformation behavior of 
soft materials under nanoindentation-type testing. Analysis protocols of nanoinden-
tation based on the Hertzian elastic contact theory, linear viscoelasticity analyses, 
and a more recent rate-jump method, are described and assessed. In addition to con-
tinuous viscoelasticity, a special type of discrete creep deformation, often observed 
in a wide range of materials during nanomechanical testing, is also highlighted.

1  Introduction

The advent of nanomechanical techniques including atomic force microscopy 
(AFM) and nanoindentation has enabled mechanical behavior of materials of 
micron- and smaller sizes to be characterized. However, whereas the load– 
displacement responses are routinely measured by these experimental platforms, 
these need to be deconvolved in order to obtain intrinsic material parameters, such 
as elastic modulus and yield properties. Despite the continuous development of 
the hardware over the past three decades, this step remains to be very challenging, 
especially for soft materials which exhibit not only purely elasto-plastic but also 
time-dependent deformation. Yet, examples of such materials are ample in many 
fronts of today’s technology, including polymers, gels, low-melting metals tested 
at room temperature or higher melting metals tested at elevated temperatures, and 
also biological tissues. This chapter aims at to highlight some common experimen-
tal features and analysis methods concerning nanomechanical testing of soft mate-
rials that the author has experience with.
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2  Common Data Analysis Protocols for Nanoindentation

Nanoindentation is the most mature nanomechanical characterization technique 
developed so far. Although nanoindentation was regarded as a special function of 
an AFM in the early days of development, as at today, there are a few commercial 
suppliers selling stand-alone nanoindenter machines, while AFMs took a separate 
line of development. In such commercial nanoindenters, a diamond probe, usu-
ally a Berkovich tip, is sent down to the sample along a vertical travel axis, and 
nanoscopic force and displacement data are gathered, usually by a capacitor gage, 
during the indentation process on the sample. As mentioned above, the most chal-
lenging step, from a user’s point of view, is to deconvolve the force–displacement 
data to obtain material properties. Here, some common data-analysis protocols are 
reviewed.

Oliver and Pharr (1992) proposed a procedure to analyze nanoindentation data 
which has become a standard protocol available in the software of all commer-
cial nanoindenters nowadays. Their procedure is based on the Hertzian theory 
for elastic contact (Hertz 1882; Johnson 1999), and is applicable to an unloading 
event which is purely elastic. The Hertzian theory is also widely used for analyz-
ing nanoindentation data from experiments carried out in an AFM, especially on 
biological samples (Lekka et al. 1999; Rosenbluth et al. 2006; Cross et al. 2007; 
Li et al. 2008). For these reasons, this theory is briefly outlined here. Figure 1 
shows the plan view of the contact area between two axi-symmetric elastic bod-
ies, which represent the tip and the sample in the context of nanoindentation. A 
contact pressure distribution p(s) is generated over this contact area, where s is 
the radial distance from the center. An infinitesimal area dA in this contact area is 
subjected to a point force F = p(s) dA normal to the area, and from the theory of 
elastic stress potential of half-spaces (Johnson 1999), F produces a displacement 

Fig. 1  Contact between two axi-symmetric elastic bodies
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field uz(r) on the surface of either contacting body along the direction of contact, 
according to

where E and ν are the Young modulus and Poisson ratio of the body, and r the 
radial distance from the position of F. Thus, by the principle of superposition in 
elasticity, the surface displacement of the body is the sum of contributions from 
all the point forces F = p(s) dA = p(s) rdφdr arising from p(s), and so is given by

In Eq. (2), q is the radial distance, from the center of the contact region, of the “field 
point” where uz occurs, and a is the radius of the contact region. When applying 
Eqs. (1)–(2), the infinitesimal area dA is taken as dA = p(s)rdφdr, where φ is the 
angular position of the “source point” (the point where F acts) from the field point 
(see Fig. 1), to take advantage that the r in dA and in Eq. (1) can get cancelled. The 

inner integral in Eq. (2) is from r = 0 to t, where t = −q cos φ +
√

a2 − q2 sin2 φ,  
and s in p(s) is given by s2 = r2 + q2 + 2rq cos φ.

Suppose that the two elastic bodies, i.e. the specimen surface and the tip, are 
both spherical with radii of curvature R1 and R2 respectively (R1 → ∞ if the spec-
imen surface is flat), so that for small values of q (see Fig. 1), the two surfaces are 
well approximated by z1 ≈ q2/(2R1) and z2 ≈ q2/(2R2) respectively. The defor-
mation requires that z1 + uz1 + z2 + uz2 = h, where h is the relative displace-
ment of the tip into the sample surface, and uz1 and uz2 are deformations of the 
specimen surface and the tip according to Eq. (2). Therefore, Eq. (2) becomes

where R and Er, given by 1/R = (1/R1) + (1/R2) and

1/Er = [(1 − ν2
1 )/E1] + [(1 − ν2

2 )/E2], are respectively a reduced radius and 
elastic modulus of the tip-sample contact. Hertz showed that the solution to Eq. (3) is 

p(s) = p0

√

1 − (s/a)2, where a = (πRpo)/(2Er) and h = (πapo)/(2Er) (Johnson

1999). The total indentation load is given by P =
a
∫

0

2πsp(s)ds = (2πpoa2/3). Key

results of the Hertzian theory are therefore as follows:

(1)uz(r) =
(1 − ν2)

π E

F

r
;

(2)uz(q) =
(1 − ν2)

πE

π
∫

φ=−π

t
∫

r=0

p(s)drdφ, q <; a.

(3)h −
q2

2R
=

1

πEr

π
∫

φ=−π

t
∫

r=0

p(s)drdφ
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(
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4Er
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; h =
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R
=

(
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16RE2
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; po =
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2π a2
=
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r

π3R2

)1/3

.
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The second Equation in 4 gives

and hence, the reduced modulus Er can be obtained from a fit of the load– 
displacement curve to the form P ∼ h3/2, provided that R is known. This method 
of obtaining Er is often used in nanoindentation experiments carried out in AFMs, 
and is in fact incorporated into the analysis software of some commercial AFMs. 
However, the underlying assumption is that the loading process is purely elastic.

In the Oliver-Pharr protocol (Oliver and Pharr 1992) adopted by commercial 
nanoindenters, whereas the loading process of a nanoindentation experiment can 
involve plasticity, the onset of a subsequent unloading process is assumed to be 
purely elastic (Fig. 2a). Under this assumption, the tip-sample contact stiffness S 
at the onset of unloading process, defined as S = dP/dh, is obtainable from the 
first two Equations in (4) as

where Ac = πa2 is the projected area of the tip-sample contact circle (Fig. 2b). 
Thus, the elastic modulus Er can be estimated if S and Ac are measured, and at 
the same time, the hardness can also be evaluated as H = Pmax/Ac. Ac is given 
from the contact depth hc at full load, through a pre-calibrated tip-shape function 
Ac = f (hc), but because of the elastic “sink-in” deformation of the specimen’s 
surface (Fig. 2b), hc is not explicitly specified in the P–h curve. For a spherical 
indenter, geometry gives hc ≈ a2/2R2, and if the sample is initially flat, R = R2, 
so that the indenter displacement at full load is hmax ≈ a2/R2 from the second 
Equation in (4). Therefore, hc ≈ hmax/2. However, this relation is valid only 
when the sample deforms purely elastically. In plastic indentation situations, 

(5)P =
(

4

3

√
REr

)

h
3/2

(6)Er =
√

π

2

S
√

Ac

Fig. 2  a Schematic load–displacement graph and b sink-in morphology during nanoindentation
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Oliver and Pharr (1992) proposed that the corresponding plastic depth, hf, should 
be deducted from the h data, i.e. instead of hc = hmax/2, we have

Also, from the second Equation in (4), P ∝ (h − hf )
3/2, and from this, the contact 

stiffness is given by

Combining Eqs. (7) and (8), we have hc = hmax − (3/4)Pmax/S, for the case 
of a spherical tip indenting on a flat sample. Oliver and Pharr (1992) proposed the 
following more general formula:

where ε is a constant for a given indenter. Table 1 new gives the values of ε for dif-
ferent indenter geometries.

3  Viscoelastic Behavior During Nanoindentation

The analysis methods based on the Hertzian contact theory outlined above assume 
that the deformation is purely elastic in the relevant part of the load schedule. For 
soft materials, this condition is often not met, even during the unloading process. 
Figure 3a shows a rather extreme case of nanoindentation carried out in amorphous 
selenium at 24 °C (Tang and Ngan 2005), where the P–h curve bends forward dur-
ing the initial part of the unload. This signifies significant creep deformation: the tip 
continues to sink into the specimen as it creeps under the tip load, even though the 
load on the tip is reducing. If the Oliver-Pharr method is applied to such a scenario, 
the resultant Er would be negative as shown in Fig. 3b, since the apparent contact 
stiffness S at the onset of unload is negative. The creep factor in Fig. 3b is defined as

(7)(hc − hf ) =
(hmax − hf )

2

(8)
dP

dh
= S =

3

2

Pmax

(hmax − hf )
.

(9)hc = hmax − ε
Pmax

S
,

(10)C =
ḣhScorr

|Ṗu|
,

Table 1  Values of ε in  
Eq. (9)

Indenter shape ε

Spherical and paraboloid ¾ = 0.75
Flat ended 1
Conical 2

π
(π − 2) = 0.73
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where ḣh is the creep rate at the end of the hold period just before the unload, 
Scorr is a corrected elastic contact stiffness (see Eq. (29)), and Ṗu is the unload-
ing rate. As will be seen later, C measures the relative importance of elastic and 
creep deformation at the onset of the unloading process (Feng and Ngan 2002). 
The fact that creep is significant is also represented by a high value of ḣh during 
the load-hold before unload, and in Fig. 3a, this corresponds to a significant drop 
in the actual load applied onto the sample during the nominal load-hold stage prior 
to unload, due to the increasing spring force in the nanoindenter transducer as the 
tip sinks into the sample. Significant creep during unload, accompanied by a vis-
ible forward bending “nose” in the P–h curve, is a rather general behavior for soft 
materials, including polymers and biological (e.g. bone and cartilage) samples 
tested at room temperature, and even metals tested at high homologous tempera-
tures relative to their melting points. Even though creep deformation may not be as 
severe as giving rise to an obvious “nose” in the P–h curve, it may still lead to sig-
nificant overestimation of the contact stiffness S and hence the Er estimated from 
the Oliver-Pharr analysis (Feng and Ngan 2002).

As mentioned above, certain commercial AFMs are equipped in their analy-
sis software with the Hertzian fit protocol involving Eq. (5), where the P–h curve 
measured during a load ramp is fitted with a P ∼ h3/2 law to obtain the Er value. 
When creep or any time-dependent deformation occurs, the measured Er would be 
dependent on the load ramp rate, as shown in Fig. 4a for the case of an oral cancer 
cell line indented by an AFM tip (Zhou et al. 2012). Similar rate-dependent results 
are often seen in the literature (e.g. Li et al. 2008), and their occurrence means that 
the measured properties are not intrinsic to the sample.

4  Linear Viscoelasticity Analyses of Nanoindentation

The viscoelastic behaviors commonly seen in nanoindentation of soft sam-
ples have been the subject of investigation by linear viscoelasticity analyses 
(Feng and Ngan 2002; Sakai 2002; Cheng and Cheng 2005; Oyen 2006). In one 

Fig. 3  a A typical load–displacement curve in amorphous selenium at 311 K. b Elastic modulus 
of amorphous selenium measured by the Oliver-Pharr method and after creep correction. Data 
from (Tang and Ngan 2005)
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approach, nanoindentation is performed in a dynamic mode, involving a small 
oscillatory load ∆P = ∆P0 sin (ωt) superimposed on the basic load. Because of 
viscosity, the displacement oscillation will in general exhibit a phase lag φ, i.e. 
∆h = ∆h0 sin(ωt − φ). In analogy with Eq. (6), a storage modulus E′

r
 and a loss 

modulus E′′
r  can be defined as (Herbert et al. 2008):

While E′
r
 and E′′

r
 are easily measured this way, they are usually strong functions of 

the oscillation frequency ω.
In a second approach, a certain constitutive model is assumed as the intrinsic 

deformation law for the sample, and this is developed into measurables such as 
a P–h relation, which can then be fitted with the experimental data to obtain the 
coefficients in the model, which are supposed to be intrinsic material properties. 
Most viscoelasticity analyses carried out for nanoindentation made use of heredi-
tary integrals (Sakai 2002; Cheng and Cheng 2005; Oyen 2006). Alternatively, 
another very useful technique is Radok’s correspondence principle between lin-
ear viscoelasticity and elasticity (Radok 1957). As an illustration, consider the 
Maxwell model of viscoelasticity, with the following constitutive relation

Here, Sij = σij − δijσkk/3 is the deviatoric stress, and eij = εij − δijεkk/3 the 
deviatoric strain, G and B are the shear and bulk modulus respectively, and ηs is 
the shear viscosity. Laplace-transforming Eq. (12) leads to

(11)E′
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√
π

2
√

Ac

∆P0

∆h0

cos φ; E′′
r =

√
π

2
√

Ac

∆P0

∆h0

sin φ

(12)ėij =
1

2G
Ṡij +

1

2ηs

Sij, σii = 3Bεii (viscoelasticity) .

(13)e∗
ij =

(

1

2G
+

1

2ηs

·
1

s

)

S∗
ij, σ ∗

ii = 3Bε∗
ii (viscoelasticity)

Fig. 4  Elastic modulus of UM1 oral cancer cells measured with a the Hertzian fit protocol in 
Eq. (5), b the rate-jump protocol in Eq. (5). Data from (Zhou et al. 2012)
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where ( )* denotes the Laplace transform of a time-dependent quantity ( ), and s is 
the transform variable. Equation (13) is of a form analogous to Hooke’s Law for a 
purely elastic material:

Comparing Eqs. (13) and (14) suggests that the Laplace transform of the viscoe-
lastic problem can be solved by replacing the elastic constants in the purely elastic 
problem by the following:

The problem of indenting on a purely elastic half-space by a conical tip with semi-
apex angle α has been solved by Sneddon (1965) (also c.f. Eq. (27)) as

Since Er = 4G(3B + G)/(3B + 4G), to obtain the corresponding P–h relation in 
the viscoelastic case, application of the transformations in Eq. (15) leads to the 
following transformation of Er:

where E is the Young’s modulus. Therefore, the Laplace transform of the viscoe-
lastic version of Eq. (16) is

Inverse transforming Eq. (18) followed by differentiating with respect to t leads to

if P(0) = 0.
Numerical values indicate that the third term in Eq. (19) is usually small  

compared with the other two terms. When this third term is ignored,

eij =
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For a load-hold process up to Pmax following a simple load ramp up to time t1, as 
shown in Fig. 5a, integrating Eq. (20) yields

where a and b are constants. Figure 5b, c show load-hold nanoindentation experi-
ments carried out in an amorphous Ge–Si thin film (Xu 2008). The h2 versus t 
plot is linearly in accordance with Eq. (21). The shear viscosity ηs can be obtained 
from the slope of the h2-t plot, and data measured at different test temperatures 
obey an Arrhenius law as shown in Fig. 5c, with activation energy of ~0.14 eV.

Constitutive models other than Maxwell can be similarly employed, and if 
more springs and dashpots are involved, more material constants will have to 
be obtained, and finding them can turn out to be a heavy curve-fitting exer-
cise. Unfortunately, in most cases, there is simply no reliable guidance to help 
decide on which law is most suitable for a given material, yet the accuracy of 
such linear viscoelasticity analyses depends on the validity of the assumed con-
stitutive law.

(20)Ṗ(t)

Er

+
P(t)

4ηs

≈
2

π
tan α

d(h2)

dt
.

(21)h2 ≈
π Pmax

2 tan α

[(

1

Er

−
t1

8ηs

)

+
t

4ηs

]

= a + bt

Fig. 5  Measurement of shear viscosity ηs in an amorphous Ge-Si alloy thin film. a Load sched-
ule used. b h2 versus t during load hold at Pmax. c Arrhenius plot of ηs, exhibiting an activation 
energy of 0.14 eV. Data from (Xu 2008)
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5  The Rate-Jump Protocol of Nanoindentation

The linear viscoelasticity analyses mentioned above often yield storage (elastic) 
or loss (viscous) coefficients which are supposed to be material properties on one 
hand, but on the other hand, are also strongly dependent of the test frequency, or 
rate of deformation in general. In the rheology literature, the rate dependence of 
such properties is accepted as “intrinsic” to the material itself, but in any case, this 
would still contradict the use of “springs” and “dashpots”, supposedly with con-
stant coefficients, in the constitutive law assumed. In an atomic model, the spring 
and dashpot elements in the correct constitutive law should correspond to the 
conservative stretching and permanent slippage or other dissipative events of the 
interatomic bonds in the solid, respectively. The spring elements of the viscoelas-
tic network should, therefore, be characteristic of the nature and architecture of the 
atomic bonds in the solid and truly material constants independent of the rate of 
deformation and other extrinsic factors.

A recent “rate-jump” protocol for carrying out mechanical tests in general has been 
proven to be capable of returning an intrinsic elastic modulus that is independent of the 
test conditions from viscoelastic materials (Ngan and Tang 2009). The key assumption 
of the constitutive law for the material is very mild—a network of any arrangement of 
(in general) non-linear viscous dashpots and linear elastic springs, as shown in Fig. 6a, 

Fig. 6  a A general linear-elastic, nonlinear-viscous solid subjected to boundary load P undergo-
ing deformation with boundary displacement δ. b Schematic of a rate jump in P and δ at time tc. 
c An example of the viscoelastic network model of the material: the standard-linear-solid model, 
but any other network is admissible
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is assumed to hold within a very short time window [tc−, tc+] about time tc, at which a 
sudden step change in either the loading rate or the displacement rate, depending on 
whether the test is load- or displacement-controlled, is applied on the sample (Fig. 6b). 
The dashpots and springs here are described respectively by relations of the form

where εij and σkl are strain and stress tensors, and a dot above denotes time rate. 
Note that the ε̇ij versus σkl relation in Eq. (22) is not necessarily linear (i.e. nonlin-
ear viscosity is anticipated), and also, any arrangement of the springs and dashpots 
in the constitutive model is admissible. The latter two points are important differ-
ences with the linear viscoelasticity analyses described in the section above.

A key point to note about the nonlinear dashpots is that, by virtue of Eq. (22), 
a step change ∆σ̇kl in the stress rate field at tc, arising from the step change in 
loading rate in Fig. 6b, does not result in any non-zero change in the strain rate 
field ε̇ij across the dashpots, because although the stress-rate σ̇kl suffers a step jump 
∆σ̇kl, the stress itself must still be continuous across tc. Thus, ∆σkl = 0 across tc, 
and from Eq. (22), ∆ε̇ij(dashpot) = 0, i.e. the dashpots, whether they are linear 
or nonlinear and irrespective of their whereabouts in the constitutive network 
with respect to the springs, do not react to the rate-jump across tc. Only the elastic 
springs react to the rate-jump according to Eq. (23), viz

and ∆ε̇ij and ∆σ̇kl are also the overall strain-rate and stress-rate changes of the 
sample across tc. Equation (24) says that the fields ∆σ̇ij and ∆ε̇ij can be solved as 
a linear elastic problem, with the same elastic spring elements in the original vis-
coelastic model of the material while the dashpot elements are ignored.

The solution of Eq. (24), for a given test geometry, would be a linear ∆Ṗ ∼ ∆δ̇ 
relation between the step changes in the load and displacement rates across tc, 
with the linking proportionality constant being a lumped value of the elastic con-
stants in the original viscoelastic model after removing all the dashpots. Fitting 
such a relation to experimental results allows this lumped value to be measured 
as an intrinsic elastic modulus of the material. As a simplest illustration, Fig. 7 
shows results from macroscopic tensile tests performed on high-density polyethyl-
ene bars with such a rate-jump protocol applied (Chan and Ngan 2010). Figure 7a 
shows a typical load schedule of nominal stress versus time, where a step change 
in the stress rate is imposed at time marked as 0. The corresponding nominal-
strain response is shown in Fig. 7b. From Eq. (24), an effective elastic modulus of 
the material is given by

(22)ε̇ij(dashpot) = ε̇ij(σkl),

(23)εij(spring) = sijklσkl

(24)∆ε̇ij = sijkl∆σ̇kl,

(25)E =
∆σ̇

∆ε̇
=

σ̇+ − σ̇−

ε̇+ − ε̇−
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where σ̇+/− and ε̇+/− are the stress and strain rates, i.e. the slopes of the graphs 
in Fig. 7a, b, measured before and after the rate jump and extrapolated to the lat-
ter. According to the above argument, E should be an intrinsic material constant 
independent of the test conditions. Figure 7c shows the values of E measured 
using different magnitudes of load-rate jump, and it can be seen that E is indeed 
invariant.

In any test platform, Eq. (24) says that, provided that the load–displacement 
(P ∼ δ) relation for a linear elastic specimen during load-ramp is known, the cor-
responding ∆Ṗ ∼ ∆δ̇ relation for a viscoelastic sample can be obtained by the fol-
lowing simple substitutions:

In the following, we analyze nanoindentation as carried out in commercial nanoin-
denters, as well as in the AFM.

5.1  Rate-Jump Method in Depth-Sensing Nanoindentation

In depth-sensing nanoindentation using the Oliver-Pharr protocol, the elastic 
modulus and hardness are evaluated at the onset of an unloading stage following 

(26)σ → ∆σ̇ ; ε → ∆ε̇; P → ∆Ṗ; δ → ∆δ̇; etc.

Fig. 7  Invariant effective modulus measured using the rate-jump protocol from tensile tests 
on high-density polyethylene. a Typical load schedule of nominal stress versus time with a rate 
jump imposed. b Response of nominal strain to the load schedule in (a). c E values calculated 
using Eq. (25) from different experiments with different magnitudes of load-rate jump. Inset in  
(c) shows the load schedules used. Data from (Chan and Ngan 2010)
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a load-hold stage (e.g. see Fig. 3a). The onset point of unloading is, therefore, a 
rate-jump point pertinent to the above analysis. If the sample is purely elastic, the 
load–displacement relation is given by Eq. (6), i.e.

Now, for a viscoelastic sample at the onset of unload, carrying out the substitu-
tions in Eq. (26) in Eq. (27) gives

where ḣh and ḣu are tip speeds just before and just after the unload onset point, and 
Ṗh

 and Ṗu are the load rates just before and after unload onset. The apparent con-
tact stiffness, measurable as the slope of the P–h curve, is S = Ṗu/ḣu, and writing 
2Er

√
Ac/π  as Scorr the “corrected” elastic stiffness, then a relation between Scorr 

and S can be obtained from Eq. (28) as

Equation (29) then serves as a correction formula for the viscous effects on the 
elastic contact stiffness (Feng and Ngan 2002; Ngan et al. 2005); the quantities 
needed for the correction include the creep displacement rate ḣh

 and load drop 
rate Ṗh

 (due to the suspending springs in the transducer) at the end of the load 
hold prior to the unload, and the unloading rate Ṗu

 (<0), in addition to the apparent 
stiffness S = dP/dh at the onset of unload. If the load-drop due to the suspending 
springs is negligible, then, with the creep factor defined in Eq. (10), the following 
can be obtained from Eq. (29):

which further indicates the effects of viscous deformation on the contact stiffness. 
In extreme cases (e.g. Fig. 3), C can be larger than unity, and then the apparent 
stiffness S will become negative. The corrected stiffness Scorr from Eq. (29) can be 
used to replace S in Eqs. (6) and (9) to obtain the reduced modulus Er and hard-
ness as in the original Oliver-Pharr protocol (Feng and Ngan 2002; Ngan et al. 
2005). Equation (29) also says that if the unloading rate Ṗu

 is very fast, or the hold 
before unload is very long so that ḣh

 and Ṗh
 become very small, then correction is 

not necessary. However, knowing these conditions a priori would be difficult for 
very soft samples.
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Figure 8 compares the elastic modulus of mice cortical bone calculated with the 
rate-jump and the Oliver-Pharr protocols (Tang 2005; Tang et al. 2006). Here, a 
multi-cycle loading schedule was used to evaluate the elastic modulus at the onset 
of each unloading cycle. In the earlier cycles, the elastic modulus obtained by the 
Oliver-Pharr method becomes negative due to very severe viscoelastic effects, 
which lead to the “nose” phenomenon in the P–h curve (c.f. Fig. 3 for selenium). 
The rate-jump method is able to turn these cases back to normal with positive and 
rather consistent modulus values.

Fig. 8  The elastic modulus of mice cortical bone analyzed with the Oliver-Pharr method and 
rate-jump method. The inset shows the identical multi-cycle loading schedule for all the tests, in 
which the elastic modulus was calculated at the onset of each unloading portion. Data from (Tang 
2005) and (Tang et al. 2006)
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5.2  Rate-Jump Method in AFM Nanoindentation

As mentioned earlier, nanoindentation is also routinely carried out in commer-
cial AFMs, especially for testing biological tissues and nano-scale objects such 
as nano-filaments or wires. Compared with using a commercial depth-sensing 
nanoindentation machine, one major challenge arises in the AFM, namely, unlike 
the diamond Berkovich tips usually used in depth-sensing nanoindentation which 
are quite durable, AFM tips are much sharper and more fragile, and may not sur-
vive the many indentations required in obtaining the tip-shape function Ac = f (hc) 
(Fig. 2b) from a calibrating sample. In fact, the uncertain shape of AFM tips is one 
major disadvantage involved in the Hertzian fit protocol, since the tip-end radius R 
has to be known when applying Eq. (5). To avoid the damaging tip-shape calibra-
tion, flat-ended tips are recommended for AFM nanoindentation work (Fig. 9), and 
these can be easily made from commercial AFM tips by focused-ion-beam mill-
ing. The tip-sample contact size a (c.f. Fig. 1) then remains constant for different 
indentation depths, and a can be obtained easily by electron microscope imaging 
of the tip. Accurate determination of the initial contact point would also not be 
necessary since the contact size a is constant.

As discussed above, the usual Hertzian fit method also gives rise to rate-
dependent results in general, as illustrated in Fig. 4a. The rate-jump protocol is 
definitely more attractive, as this should return an intrinsic elastic modulus of 
the sample. Figure 10a, b shows two usual designs of commercial AFMs, one in 
which the tip-cantilever clamp is fixed and the sample moves up by displacement 
δ by piezoelectrics (Fig. 10a), and the other where the sample sits on a fixed plat-
form while the cantilever clamp moves down by δ (Fig. 10b). In either case, the 
cantilever deflects with a displacement δ′ at its free end, which is measured by a 
photo-diode. The cantilever deflection is related to the photo-diode signal D via a 
sensitivity constant A, i.e. δ′ = AD.

For the first situation in Fig. 10a, when the sample is purely elastic with tip-
sample contact stiffness S = 2Era (c.f. Eq. (6)), the indentation force is given by 

Fig. 9  Flat-ended tip for AFM nanoindentation, made by cutting a commercial tip by FIB mill-
ing (side view on left and top view on right; courtesy B. Tang)
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P = kδ′ = S(δ − δ′), where k is the force constant of the cantilever. This can be 
rearranged as δ/δ′ = (1 + α/Er), where α = k/2a. For a viscoelastic sample 
under a rate-jump protocol, applying the substitutions in Eq. (26) gives

where ∆δ̇ is an imposed step change in the movement rate of the sample base (i.e. 
the input), and ∆Ḋ is the resultant step change in the rate of the photodiode signal 
D (the output).

For the second situation in Fig. 10b where the cantilever clamp moves, a simi-
lar analysis gives the following relation instead:

In either situation, the rate-jump relation Eqs. (31) or (32) involves two machine 
constants, A the photo-diode sensitivity (i.e. cantilever deflection per unit sensor 
voltage or current generated), and α = k/2a which is a cantilever-tip constant, since 
both k and a are properties of the cantilever-tip. A also depends on the cantilever 
since different cantilevers will have different reflectivity for the laser. Thus, for a 
given cantilever-tip, if both A and α are pre-calibrated, Eqs. (31) or (32) can be used 
to evaluate the Er of an unknown specimen, by measuring the ∆Ḋ for a step change 
∆δ̇ imposed at some point during the load schedule. To calibrate A and α, single 
indentations can be performed on two samples with known Er values (e.g. one hard 
one soft), and A and α can then be obtained by solving two simultaneous Equations 
of either (31) or (32) (Tang and Ngan 2011). This amount of calibration involving 

(31)∆δ̇

∆Ḋ
= A

(

1 +
α

Er

)

, (cantilever fixed, sample moves)

(32)
∆δ̇

∆Ḋ
= A

(

1 +
Er

α

)

(sample fixed, cantilever moves) .

Fig. 10  Two designs of AFM. a Cantilever clamp fixed, sample moves up. b Cantilever clamp 
moves down, sample fixed
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two single indentation tests should be the minimum required to achieve quantitative 
measurements by AFM nanoindentation, and tip damage can be minimized this way.

Figure 4b shows the elastic modulus values measured from the same batch of 
oral cancer cells as in Fig. 4a, using the above rate-jump protocol with three dif-
ferent rate-jump values of ∆δ̇ (Zhou et al. 2012). The measured modulus does not 
exhibit any dependence on the magnitude of the ∆δ̇ used, and so this is evidently 
an intrinsic constant of the cell line.

Referring back to Fig. 6b, while the constitutive law involving Eqs. (22) and 
(23) is expected to hold for a very short time span across the rate-jump time point 
tc, for time- or strain-dependent materials, the constitutive law itself may evolve 
with time. For such materials, the effective elastic modulus measured from the 
rate-jump protocol would then be the material constant at tc. Successive rate-
jumps can be imposed along a load schedule to measure a series of Er values along 
the strain path, and these should represent the evolution of the constitutive law or 
structure of the material over time or strain.

Although the rate-jump method is useful in returning an intrinsic elastic modu-
lus of any viscoelastic sample, the viscous (dashpot) component of the deforma-
tion is subtracted out. The viscous component can only be obtained from linear 
viscoelasticity analysis of load-relaxation or creep response of the sample using 
an assumed constitutive model (see Eq. (21) and Fig. 5), or as the loss modulus by 
means of dynamic nanoindentation.

6  Discrete Yield Events in Soft Materials

Apart from smooth viscoelasticity or creep deformation, discrete plasticity events 
with time-dependent characteristics are also frequently observed in metals and pol-
ymers of small volumes. The first type of such discrete plasticity is delayed onset of 

Fig. 11  Delayed incipient plasticity in Ni3Al (111) during load-hold nanoindentation at room tem-
perature. a Load and displacement versus time, showing the sudden occurrence of a discrete yield 
event during the load-hold. Creep follows immediately after the discrete event. b Statistical distri-
bution of the waiting time for the discrete yield to occur at 500 μN. Data from (Wo et al. 2005)
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yielding in well-annealed metals. It is well-known that annealed metals subjected 
to nanoindentation often exhibit a discrete yield point, which marks the onset of 
plastic deformation. When the load is held at a value slightly below the yield point, 
no yielding or creep occurs initially as expected, but with prolonged application of 
load, a discrete yield event may occur suddenly after some waiting time, as shown 
by the example in Fig. 11. This waiting time is shorter as the load increases (Chiu 
and Ngan 2002), and for a fixed load, it exhibits a stochastic distribution (Fig. 11b). 
This delayed yielding behavior is thought to be due to thermally agitated nucleation 
of incipient dislocations within the stressed volume (Ngan et al. 2006).

Discrete plasticity is not confined to the onset of yielding, but can occur inter-
mittently after first yield. Figure 12a shows a type of creep deformation with 
discrete yield events in single-crystalline aluminum micro-pillars under uniform 
compression at room temperature (Ng and Ngan 2007). Figure 12b shows a simi-
lar type of discrete creep, superimposed on smooth creep deformation, observed 
during constant-load nanoindentation on high-density polyethylene (Li and Ngan 
2010). The occurrence frequency of the discrete creep events in polyethylene was 
found to increase with crystallinity, suggesting that the discrete creep behavior 
is due to the crystal phases in the polymer. The discrete type of creep relaxation 
events represents an interesting contrast to the conventional smooth viscoelastic 
deformation, and is worthy of more investigations in the future.

Fig. 12  Successive discrete yield events during load-hold experiments. a Aluminum single-
crystalline micro-pillars subjected to uniform compression at constant load at room temperature 
exhibit a type of creep deformation with discrete jumps (Ng and Ngan 2007). b High-density 
polyethylene subject to Berkovich nanoindentation at constant load at room temperature exhibits 
similar creep behavior with discrete jumps (Li and Ngan 2010)
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7  Concluding Remarks

In this chapter, we have reviewed selected behavior and critical issues when soft 
materials are subjected to nanoindentation-type testing. Soft samples such as 
polymers, biological specimens, glasses approaching glass transition, and so on, 
often exhibit time-dependent viscoelastic deformation during nanoindentation test-
ing. Data analysis protocols based on Hertzian-type theories are inadequate for 
such materials, often returning erroneous results. Linear viscoelasticity analyses 
are straightforward to carry out, but the choice of the suitable constitutive law is 
not an easy step, and such analyses often return rate-dependent storage and loss 
coefficients of the model, which is not ideal. A rate-jump protocol can return an 
intrinsic elastic modulus for any general linear-elastic, nonlinear-viscous solid, but 
no information can be obtained concerning the viscous component of the constitu-
tive law. In addition to continuous viscoelasticity, a wide range of materials also 
exhibit a discrete mode of creep deformation during nanomechanical testing.
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Abstract The chapter is devoted to the assessment of effective elastic properties of 
an aluminium alloy appearing on cell walls of a closed-cell foam system Alporas. 
The methodology used for this purpose is based on a bottom-up approach which 
includes identification of mechanically distinct material phases by means of combi-
nation of several analyses. Electron microscopy and image analyses are employed 
at first to identify miscrostructural and chemical entities. Mechanical properties of 
the distinct phases are studied by grid nanoindentation. Phase separation is per-
formed using statistical deconvolution. Microstructural information is then used 
for the assessment of effective cell wall stiffness. Several analytical and numerical 
tools are tested and compared for this purpose. Good mutual agreement is achieved 
between the methods due to the close-to-isotropic nature of the phase dispersion 
within the cell wall volume.

1  Introduction

Metal foams are advanced lightweight materials used in applications ranging from 
automotive and aerospace industries to construction engineering. Depending on their 
specific density and a source material used for production they are used as various 
structural elements, e.g. bumpers, car body sills, filters, damping layers of motorcycle 
helmets or sandwich insulation panels (e.g. Banhart 2001). Macroscopically, the foams 
can be characterized by attractive mechanical and physical properties such as high 
stiffness and strength in conjunction with very low weight, excellent impact energy 
absorption, high damping capacity and good sound absorption capability. If alumin-
ium alloy is used as a base material, other advantages like low density (~2,700 kg/m3), 
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low melting point (~660 °C), non-flammability, possibility of recycling and excellent 
corrosion resistance are obtained.

Based on a particular purpose and production technology metal foams can be 
produced in an open-cell or closed-cell form. Our attention in this contribution is 
focused on a commercially available closed-cell foam system Alporas® developed 
by Shinko Wire Company, Ltd. (Miyoshi et al. 1998). Alporas is characterized 
with a hierarchical system of pores having different cell morphologies (in shape 
and size) in dependence on the foam density and inhomogeneous material proper-
ties of the cell walls (Hasan et al. 2008). The overall sample porosity can be found 
in the range from 60 to 90 % (Ashby et al. 2000). A typical cross section of the 
foam is shown in Fig. 1 in which large pores (having typically 1–13 mm in diam-
eter) can be seen. Detailed view on thin cell walls is depicted in Fig. 2.

Traditionally, mechanical properties of metal foams are measured by conven-
tional testing methods, e.g. by uniaxial compression tests (Papadopoulos et al. 2004; 
Jeon et al. 2009; Sugimura et al. 1997; Yongliang et al. 2010; De Giorgi et al. 2010) 
or microindentation tests (Idris et al. 2009). In principle, such measurements can 

Fig. 1  Optical image of a 
typical foam cross section

Fig. 2  SEM-BSE images 
showing the detail of a cell 
wall. Grey levels correspond 
to heterogeneous material 
phases
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give only overall response of this microscopically heterogeneous material and are 
experimentally difficult. It is mainly due to small wall dimensions, low local bearing 
capacity and stability problems caused by local wall yielding and bending. It is also 
uneasy to reach well defined geometry and boundary conditions for a miniaturized 
test on a single wall. Therefore, other means like nanoindentation are suitable tech-
niques for exploring microscopically heterogeneous properties of the cell walls.

The material heterogeneity takes place at several length scales. In this paper 
we focus our attention on investigation of phase properties that appear at the level 
of cell walls (e.g. at the scale of 100 μm). At first, we use the information from 
nanoindentation (Fischer-Cripps 2002) for prediction of overall elastic properties 
of the cell wall which is difficult to measure by other means. In this task, massive 
grid indentation is utilized together with statistical evaluation and deconvolution 
of phase properties (Constantinides et al. 2006; Němeček et al. 2011b). Finally, we 
apply analytical and numerical homogenization schemes (Zaoui 2002; Moulinec 
and Suquet 1994; Michel et al. 1999) to predict overall elastic properties of the wall.

2  Experimental Part

2.1  Test Samples

Commercial aluminium foam samples with high porosity (Alporas, Shinko Wire 
Company, Ltd) were used in this study. The foam production process covers melting 
of aluminium at 680 °C and mixing it with blowing (1.6 wt% of TiH2) and thickening 
(1.5 wt% of Ca) agents (Miyoshi et al. 1998). Hydrogen is released from TiH2 which 
forms large bubbles in the molten whereas calcium increases the molten viscosity and 
stabilizes cell walls. Finally, the molten is cooled down. The resulting internal struc-
ture of the aluminium foam (Fig. 1) shows wide distribution of pores and high overall 
sample porosity. On the other hand, an Al/Ca/Ti alloy which develops in the thin cell 
walls during hardening process (Fig. 2) exhibits high degree of heterogeneity.

2.2  Sample Preparation

Firstly, an Alporas foam block was cut into pieces. Each piece was cut into slices 
(~5 mm thick) and embedded into epoxy resin to fill large pores. The sample sur-
face was mechanically grinded and polished to reach minimum surface roughness 
suitable for micromechanical testing and image analyses. Very low roughness 
Rq ≈ 10 nm on 10 × 10 μm area (ISO 4287-1997) was achieved on cell walls. 
The sample was investigated with scanning electron microscopy (SEM) at first. 
Acquired images were segmented to binary ones and used further in image analy-
ses. Subsequently, nanoindentation measurements were performed on cell walls 
situated perpendicularly to the surface (as checked with optical microscope).
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2.3  SEM and Image Analyses

Scanning electron microscope equipped with secondary electron (SE), back-scattered 
electron (BSE) and energy dispersive X-ray (EDX) analyses was used to study the 
cell wall heterogeneity. It was confirmed that a significant inhomogeneity of micro-
strutural material phases exists on the level of tens of micrometers (Figs. 2 and 3). 
Two distinct phases, that exhibit different color in BSE images, can be distinguished. 
The chemical composition of the two phases was checked with EDX element analysis 
in SEM. It was found that the majority of the sample volume (dark zone in Figs. 2 
and 3) consists of aluminium (~67 wt %), oxygen (~32 wt %) and other trace ele-
ments (Mg, Ti, Fe, Co, Ni, Cu, Si < 2 wt %). Lighter zones in Figs. 2 and 3 consist 
of Al (~60 wt %), O (~30 wt %), Ca (~5 wt %), Ti (~5 wt %) and other elements 
(<1 wt %). As expected, the majority of the volume (dark zone) is composed of 
aluminium and aluminium oxide Al2O3. This phase is further denoted as Al-rich area.

It follows also from other studies (Simone and Gibson 1998) that Ca/Ti-rich 
discrete precipitates and diffuse Al4Ca areas develop in the Al-matrix during hard-
ening. These areas that appear as lighter zones in Figs. 2 and 3 are further denoted 
as Ca/Ti-rich phase.

Fig. 3  Detail of the cell 
wall microstructure in 
SEM-BSE image (top) and 
segmented image in which 
black = Al-rich, white = Ca/
Ti-rich areas (bottom)
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It is possible to estimate the volume fraction of the two phases in the sample by 
an image analysis performed on BSE images. For this purpose, ten arbitrary BSE 
images were taken and segmented to two phases using common grey threshold. 
The Ca/Ti-rich area was estimated to cover 22 ± 4 % of the whole image area. It 
is shown later in the text, that this volume fraction does not correspond to the vol-
ume of mechanically distinct phase which is larger than the portion estimated by 
the pixel colors in BSE images.

2.4  Nanoindentation

Nanoindentation tests on cell walls were performed using Hysitron Tribolab sys-
tem® at the Czech Technical University in Prague. The system is equipped with 
quasi-static and dynamic measuring modes and with in situ SPM imaging for scan-
ning the sample surface with the same tip which is used for the sample penetration. 
Pyramidal diamond tip (Berkovich) was used for all measurements. Several distant 
locations were chosen on the sample to capture its heterogeneity. Each location was 
covered by a series of indents with 10 μm spacing (Fig. 4). The total amount of 200 
was performed which was considered to give sufficiently large statistical set of data.

Since we are dealing with a two phase system, the mutual phase influence needs to 
be experimentally minimized to receive their intrinsic properties. The size of an indent 
(h) must be kept small enough to be within a phase (d). As a rule of thumb, the indent’s 
size h < d/10 is usually used to access material properties of individual constituents 
without any dependence on the length scale (Durst et al. 2004). For our case, the minor 
Ca/Ti-rich phase has a characteristic dimension of 4 μm (from the image analysis). 
Therefore, the indent’s size should be kept within 400 nm in our experiments.

Fig. 4  Indentation matrix 
showing individual indents 
with 10 μm spacing scanned 
by in situ imaging
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Standard load controlled test was prescribed. The loading history consisted of 
three segments: loading, holding at the peak and unloading. Loading and unload-
ing of this trapezoidal loading function lasted for 5 s. The holding part lasted for 
10 s and was included to minimize any time-dependent material effects (Fischer-
Cripps 2002; Němeček 2009). Maximum applied load was 1 mN. Maximum 
indentation depths were ranging between 100 and 300 nm depending on the stiff-
ness of the indented phase.

Elastic modulus was evaluated for individual indents using standard Oliver and 
Pharr methodology (Oliver and Pharr 1992) which accounts for elasto-plastic con-
tact of a conical indenter with an isotropic half-space as in Eq. 1:

in which Er is the reduced (combined) modulus measured in an experiment, A is 
the projected contact area of the indenter at the peak load, β is a geometrical factor 
accounting for the indenter shape (β = 1.034 for the used Berkovich tip) and dP

dh 
is a slope of the unloading branch evaluated at the peak. Elastic modulus E of the 
measured sample can be found using basic contact mechanics from Eq. 2:

in which ν is the Poisson’s ratio of the tested material, Ei and νi are known elastic 
modulus and Poisson’s ratio of the indenter (Ei = 1,140 GPa, νi = 0.07). Note that 
the choice of Poisson’s ratio from a reasonable range of similar metals and alloys 
(0.3–0.4) does not have a significant influence on values of sample elastic moduli 
evaluated from measured reduced moduli. Therefore, the sample Poisson’s ratio 
was taken ν = 0.35 as an estimate for all indents (even if not measured for indi-
vidual phases).

3  Numerical Part

3.1  Statistical Deconvolution

Since the cell walls show high degree of heterogeneity, it is effective to use a sta-
tistical approach for the analysis of the measured set of mechanical data. Quite fre-
quently, it is not possible to distinguish between the mechanically different phases 
with a sufficient resolution according to optical images that are coupled with the 
indentation system. Even using SEM images does not give a clue how to match 
different color in BSE images with the true stiffness of the phase. Such color inter-
pretation could lead to erroneous conclusions (as demonstrated later in indentation 
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results). Therefore, statistical analysis which was formerly proved to be a reliable 
technique for the analysis of microscopically heterogeneous structural materials, e.g. 
for cementitious composites (Ulm et al. 2007; Němeček et al. 2013), alkali-activated 
fly ash or gypsum (Němeček et al. 2011b; Němeček  2012), high-performance con-
cretes (Sorelli et al. 2008; Němeček et al. 2011a) and also for metal alloys (Němeček 
and Králík 2012) has been applied.

The statistical technique is based on the phase deconvolution that seeks for 
parameters of individual phase distributions included in overall results. It searches 
for r distributions (Gaussian fits are assumed) in an experimental histogram of a cho-
sen mechanical property. Random seed and minimizing criteria of the differences 
between the experimental and theoretical overall histograms (particularly quadratic 
norm of the differences) are computed in the algorithm to find the best fit (Fig. 6).

The analysis begins with the generation of experimental Probability Density 
Function (PDF) or Cumulative Distribution Function (CDF) for the data set. 
Using of PDF is more physically intuitive since significant peaks associated with 
mechanically distinct phases can be often distinguished in the graph. On the other 
hand, the construction of PDF requires the choice of a bin size. Application of 
CDF (Ulm et al. 2007) is more straightforward (does not require the choice of a 
bin size) and is more appropriate for cases where no clear peaks occur in the prop-
erty histogram. The deconvolution algorithms based on PDF of CDF are analo-
gous and thus the procedure will be demonstrated for the case of PDF.

Experimental PDF is firstly constructed from all measurements whose number is 
Nexp, using equally spaced Nbins bins of the size b. Each bin is assigned a frequency 
of occurrence f

exp
i

 that can be normalized with respect to the overall number of 
measurements as f

exp
i

Nexp
. From that, one can compute the experimental probability 

density function (PDF) as a set of discrete values (as in Eq. 3):

The task of deconvolution into M phases represents finding of r = 1,…,M indi-
vidual distributions related to single material phase. Assuming normal (Gauss) dis-
tributions, the single phase PDF can be written as Eq. 4:

in which μr and sr are the mean value and standard deviation of the r-th phase 
computed from nr values as Eq. 5:

and x is the approximated quantity (i.e. elastic modulus or hardness). The overall 
PDF constructed from M phases is then (Eq. 6):
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where fr is the volume fraction of a single phase defined as Eq. 7:

Individual distributions can be found by minimizing the following error func-
tion (Eq. 8):

in which quadratic deviations between experimental and theoretical PDFs are 
computed in a set of discrete points. The function is weighted by the experi-
mental probability in order to put emphasis on the measurements with a higher 
occurrence. The minimization in Eq. 8 can be based on the random Monte Carlo 
generation of M probability density functions satisfying the condition (Eq. 9):

As mentioned above, the bin size needs to be chosen prior the computation. 
Also, it is beneficial to fix the number of mechanically distinct phases M in 
advance to minimize the computational burden and to stabilize the ill-posed prob-
lem (Němeček et al. 2011b). Such knowledge can be supplied by some independ-
ent analyses (chemical composition, SEM or image analyses). In our studied case, 
a two-phase system (one dominant Al-rich phase and one minor Ca/Ti-rich phase) 
was assumed in the statistical deconvolution.

3.2  Effective Material Properties

Once the phase properties and volume fractions are known it is necessary to predict 
the overall (effective) properties for the whole material level (i.e. the cell wall level). 
Several approaches can be employed for this task using a variety of analytical or 
numerical homogenization methods. We decided to study several approaches.

Continuum micromechanics serve as a fundamental tool in our assessment of 
effective material properties. A material is considered as macroscopically homo-
geneous with microscopically inhomogeneous phases that fill a representative 
volume element (RVE) with characteristic dimension l. The scale separation con-
dition requires to be d << l << D, where d stands for a size of the largest micro-
level inhomogeneity in the RVE (e.g. particles or phases), l is the RVE size and D 
stands for structural dimension of a macroscopically homogeneous material which 
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can be continuously built from the RVE units. The characteristic structural dimen-
sion is usually at least 4–5 times larger than the RVE size (Drugan and Willis 
1996). In our case, the characteristic level size is determined by the cell wall thick-
ness whose average dimension is 60 μm (from the image analysis in Němeček and 
Králík 2012). Microscopic heterogeneities within RVE take the form of Ca/Ti-rich 
precipitates with a characteristic dimension of 4 μm.

3.3  Analytical Homogenization

As mentioned earlier, the heterogeneous microstructure of materials is taken into 
account by representative volume elements (RVE). The RVE with substantially 
smaller dimensions than the macroscale body allows imposing homogeneous 
boundary conditions over the RVE (Hill 1963, 1965; Hashin 1983). Then, con-
tinuum micromechanics provide a framework, in which elastic properties of het-
erogeneous microscale phases are homogenized to give overall effective properties 
of the upper scale (Zaoui 2002). A significant group of analytical homogenization 
methods relies on the Eshelby’s solution (Eshelby 1957) that uses an assumption 
of the uniform stress field in an ellipsoidal inclusion embedded in an infinite body. 
Effective elastic properties are then obtained through averaging over the local con-
tributions. The methods are bounded by rough estimates based on the mixture laws 
of Voigt (parallel configuration of phases with perfect bonding) and Reuss (serial 
configuration of phases). The bonds are usually quite distant so that more precise 
estimates need to be used. Very often, the Mori-Tanaka method (Mori and Tanaka 
1973) is used for the homogenization of composites with continuous matrix (refer-
ence medium) reinforced with spherical inclusions. In this method, the effective 
bulk and shear moduli of the composite are computed as follows (Eq. 10):

where fr is the volume fraction of the rth phase, kr is its bulk modulus, μr is its 
shear modulus, and the coefficients α0 and β0 describe bulk and shear properties 
of the 0-th phase, i.e. the reference medium (Mori and Tanaka 1973). The bulk and 
shear moduli can be directly linked with Young’s modulus E and Poisson’s ratio ν 
used in engineering computations as (Eq. 11):

The reference medium is principally chosen as the prevailing (matrix) phase 
of the composite. Also in our case, dominant Al-rich area was prescribed as the 
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reference medium. Materials with no preference of matrix phase (i.e. polycrystal-
line metals) are usually modeled with the self-consistent scheme (Zaoui 2002). 
It is an implicit scheme, similar to Mori-Tanaka method, in which the reference 
medium points back to the homogenized medium itself. For comparison, such 
approach was also included to our study.

3.4  Numerical Homogenization Based on FFT

The homogenization problem, i.e. finding the link between microscopically inhomo-
geneous strains and stresses and overall behavior of a RVE can be solved e.g. by 
finite element calculations or by applying advanced numerical schemes that solve 
the problem using fast Fourier transformation (FFT), for example. The later was 
found to be numerically efficient in connection with grid indentation that serves as a 
source of local stiffness parameters in equidistant discretization points. The behavior 
of any heterogeneous material consisting of periodically repeating RVE occupying 
domain Ω can be described with differential equations with periodic boundary con-
ditions and prescribed macroscopic strain (ε0) as (Eqs. 12 and 13):

where σ(x) denotes second order stress tensor, ε(x) second order strain tensor and 
L(x) the fourth order tensor of elastic stiffness at individual locations x. The effec-
tive (homogenized) material tensor Leff is such a tensor satisfying (Eq. 14):

Local strain tensor can be decomposed to homogeneous (macroscopic) and 
fluctuation parts which leads to the formulation of an integral (Lippmann–
Schwinger type) Eq. 15:

where Ŵ0 stands for a periodic Green operator associated with the reference 
elasticity tensor L0 which is a parameter of the method (Moulinec and Suquet 
1998). The problem is further discretized using trigonometric collocation 
method (Saranen and Vainikko 2002) which leads to the assemblage of a non-
symmetrical linear system of equations. The system can be resolved e.g. by the 
conjugate gradient method as proposed in Zeman et al. (2010). Elastic constants 
received from grid nanoindentation have been used as input parameters for this 
FFT homogenization with the assumption of plane strain conditions.

The resulting homogenized stiffness matrix is generally anisotropic (but must be 
symmetric and positive definite). The degree of anisotropy of the matrix depends 
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on topology of inclusions (phases) in the solved volume (called periodic unit cell) 
regardless of the fact that the individual points are treated as locally isotropic. Note 
also, that the FFT homogenization takes no assumptions on the morphology of the 
phases as in case of analytical schemes and is, therefore, more general. It works only 
with the stiffness coefficients distributed within the periodic unit cell and the accu-
racy of the method depends only on the density of grid points.

4  Results

4.1  Nanoindentation

Results from grid nanoindentation proved the existence of mechanically different 
phases within the cell walls. Examples of loading diagrams received from nanoin-
dentation at different locations are shown in Fig. 5. Results from Al-rich areas 
exhibit higher penetration depths with more compliant response whereas Ca/Ti-rich 
area is characterized by smaller penetration depths and increased stiffness. An aver-
age maximum depth of penetration reached by the indenter was around ~180 nm. 
Higher values for more compliant Al-rich zone were reached (~190 nm) whereas the 
indentation depths to harder but less frequent Ca/Ti-rich areas were around 100 nm.

Elastic properties evaluated for each individual indent were subsequently 
merged for the purpose of statistical analysis. The deconvolution algorithm was 
applied to the experimental histogram (PDF) of elastic moduli with assumption of 
a two-phase system (one dominant Al-rich phase and one minor Ca/Ti-rich phase) 
and a fixed bin size of elastic modulus used for the construction of PDF equal 
to 1 GPa. It can be seen in Fig. 6 that a significant peak appears around 62 GPa. 
This value can be considered as a dominant characteristic of the prevailing Al-rich 
phase. The distribution of the second phase (i.e. minor Ca/Ti-rich zone) shows 
much larger scatter which is likely due to the inhomogeneity of the precipitates. 

Fig. 5  Typical loading 
diagrams for Al-rich and Ca/
Ti-rich zones
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Table 1 contains numerical results from the deconvolution with the estimated vol-
ume fractions of the phases.

4.2  Results of Elastic Homogenization

Results from statistical deconvolution were further applied in analytical homogeniza-
tion schemes. The homogenized elastic modulus for the two considered microscale 
phases in the cell wall is summarized in Table 2 for individual homogenization tech-
niques. Very close bounds and insignificant differences in elastic moduli estimated 
by the schemes were found. In the following, we take results from the Mori-Tanaka 
method (E = 70.083 GPa, ν = 0.35) as a product of analytical homogenization.

It is possible to construct an elastic stiffness matrix of an isotropic media from 
this result (in Mandel’s notation) as (Eq. 16):

Numerical FFT-based technique was further applied. Elastic moduli from 
grid indentation served as input values for the method. Resulting elastic stiffness 
matrix (in Mandel’s notation) was (Eq. 17):

(16)
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117.1300 62.7413 −0.1625

62.7413 117.1060 −0.1430
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 (GPa) .

Fig. 6  Statistical 
deconvolution applied to the 
experimental histogram of 
elastic modulus

Table 1  Elastic moduli and volume fractions received from deconvolution

Phase Mean (GPa) St. dev. (GPa) Volume fraction (−)

Al-rich 61.88 4.6 0.638
Ca/Ti-rich 87.40 16.7 0.362
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The stiffness matrices in Eqs. 16 and 17 contain similar values on relevant posi-
tions, for the first sight. To compare the matrices more rigorously, one can apply 
different measures. Here, a matrix error norm is computed as (Eq. 18):

Relatively low value (δ = 4 %) indicates the matrix similarity.
The homogenized matrix in Eq. 17 is symmetric and positive definite. Some of 

the matrix components are negative which has no physical meaning. It just shows 
a certain (low) level of anisotropy that comes from the distribution of phases 
within the calculated periodic unit cell. To assess the degree of material anisot-
ropy received in the FFT method, again different measures can be used. One of the 
choices is to compute a matrix error norm with a particular choice of a reference 
(isotropic) matrix such that (Němeček et al. 2013) (Eqs. 19–21):

Supplying results from Eq. 17 to Eqs. 19–21 yields δISO = 0.0016. Close to 
zero value shows that the degree of anisotropy is small in our case and the material 
has randomly distributed phases compared to materials with directionally depend-
ent microstructures. Therefore, we conclude that the material is characterized with 
a close-to-isotropic behavior.

5  Discussion on Results

Results from nanoindentation proved the existence of two mechanically distinct 
phases in the cell walls that correspond to their chemical counterparts (Al-rich and 
Ca/Ti-rich zones). The characteristic elastic modulus ~62 GPa obtained for the 
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Table 2  Effective Young’s modulus computed by different homogenization schemes

Scheme Mori-Tanaka Self-consist. scheme Voigt bound Reuss bound

E (GPa) 70.083 70.135 71.118 69.195
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Al-rich phase is lower than that for a pure aluminium (~70 GPa, e.g. Webelements 
on-line library). The lower value obtained from nanoindentation suggests that 
probably some small-scale porosity or impurities (Ca) added to the molten are 
intrinsically included in the results of this mechanically dominant phase. On the 
other hand, the determined elastic modulus value of Al-rich zone is in excellent 
agreement with the value 61.7 GPa measured by Jeon et al. (2009) on melted 
Al-1.5 wt % Ca alloy.

Further, results from mechanical analysis (grid nanoindentation) revealed 
that simple image analysis does not allow estimation of volume fractions of the 
mechanically distinct phases on the walls. Based on the color in SEM images the 
area occupied with Ca/Ti-rich phase is estimated as 22 ± 4 % by image analy-
sis. Results from statistical nanoindentation (36.2 %) suggest that a substantially 
larger part of the matrix is mechanically influenced by the Ca/Ti addition and a 
higher fraction of the volume belongs to this mechanically distinct phase.

Analytical homogenizations provided almost the same results regardless on 
the scheme used which is likely due to not so high stiffness contrast between the 
phases and relatively high volume fraction of Ca/Ti-rich inclusions in the com-
posite. Numerical FFT-based scheme fully respects the spatial distribution of 
mechanical results from an indentation grid. However, similar stiffness matrix was 
obtained compared to analytical results (4 % difference). This outcome suggests 
that the material shows close-to-isotropic nature and the microstructural inhomo-
geneities are relatively uniformly dispersed in its RVE. Consequently, this finding 
also justifies the usage of analytical methods producing isotropic effective proper-
ties for the studied case.

6  Concluding Remarks

Micromechanical properties of an Al/Ca/Ti alloy appearing on cell walls of a 
closed-cell foam system Alporas have been studied in this contribution. Effective 
elastic properties of the walls have been assessed with the aid of several experi-
mental and numerical techniques.

Electron microscopy and image analyses provided the first insight to the mul-
tiphase microstructural system. Two characteristic zones named as Al-rich and 
Ca/Ti-rich phases have been identified. However, results from the image analysis 
did not correspond to the mechanical ones in terms of phase volume fractions. 
Therefore, separate measurements performed on the phases and using volume esti-
mates taken just from the image analysis would lead to erroneous results if used 
for computation of effective wall properties.

On the other hand, it has been demonstrated that the use of grid nanoinden-
tation in conjunction with statistical deconvolution method provides an effective 
tool for the assessment of mechanical properties of the studied two-phase system. 
Results of elastic stiffness and volume fractions for both the dominant and minor 
phases have been obtained and used for subsequent homogenization.
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Application of analytical and FFT-based numerical approach led to the assess-
ment of the effective elastic stiffness matrix. Differences only up to 4 % have been 
found between the methods. Relatively good dispersion of differently stiff regions 
in the tested material contributed to close-to-isotropic nature of the alloy and low 
differences obtained from various homogenization methods.

Results of the lower level material characterization described in this contribu-
tion can be further used in a multiscale analysis of the whole foam system taking 
into account pore shapes and distribution of cell walls (Němeček and Králík 2012).
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Abstract Nano-indentation and nano-scratch tests are appropriate methods for 
measuring the mechanical and tribological properties of bulk samples, thin films 
and coatings. Using nano-scale tests, numerous properties like modulus of elas-
ticity, hardness, fracture toughness, elastic–plastic behavior and wear resistance 
can be obtained. Macro-scale tests are conventional methods for determining the 
mechanical properties of biomaterials, but they are often expensive and require 
rather large test samples. In this article, the mechanical and tribological proper-
ties of hand-mixed and vacuum-mixed bone cements and a dental nano-composite 
determined by using nano-indentation and nano-scratch tests will be described and 
discussed. It is shown that bone cement mixed using the vacuum mixing exhibits 
significantly improved mechanical and tribological properties compared with the 
hand-mixed bone cement. Moreover, it is demonstrated that thermocycling affect 
the mechanical properties of dental nano-composite considerably.

1  Introduction

The mechanical properties of biomaterials are often obtained using the macro-
scale or micro-scale experiments. For instance, fracture toughness measurements 
for biomaterials are sometimes performed on various test specimens such as single 
edge notch, chevron notched short rod or by using the Vickers indentation tech-
nique. However, such methods might have a number of disadvantages like:
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1. The specimen preparation in the first two methods is costly and highly time 
consuming.

2. It is often difficult to create sharp pre-cracks in brittle and quasi-brittle 
materials (including many biomaterials), without catastrophic damage in the 
test sample.

3. Fracture toughness data obtained from the notched specimens sometimes give 
erroneously high values (Munz et al. 1980). Therefore, some researchers have 
preferred to investigate fracture toughness of biomaterials like bone cement by 
direct measurements of cracks created using a sharp diamond indenter (Lawn et 
al. 1980; Anstis et al. 1981; Fett 2002, Fett et al. 2005).

4. In the Vickers indentation method, it is common to observe other undesir-
able cracks such as lateral cracks or cone cracks, in addition to the main 
crack. These additional cracks disturb the stress field of the main crack and 
hence underestimate the toughness value (Cook and Pharr 1990; Kruzic and 
Ritchie 2003).

In the nano-indentation test, the threshold load to induce cracking is signifi-
cantly lower than the Vickers indentation test (Kruzica et al. 2009) and thus the 
risk of generating lateral cracks or cone cracks is reduced. The highly controlled 
applied loads and positioning of the nano-indentation system can provide sensi-
tive measurement of the load and the initiation of fracture. Similar advantages can 
be found for measuring other mechanical properties of materials using the nano-
indentation technique. Therefore, nano-indentation can be considered as a relia-
ble and convenient method for obtaining fracture toughness of brittle materials in 
addition to their other mechanical properties.

For reasons such as the accuracy of load control and scan size and also the 
absence of electrical and chemical fields the nano-scratch test too can be a good 
alternative to the conventional wear tests for measuring the tribological properties 
of materials.

In this article, the nano-indentation and nano-scratch tests are employed 
to investigate the procedure for determination of the mechanical and tribo-
logical properties of hand-mixed and vacuum-mixed bone cements and a dental 
nano-composite.

2  Test Procedure

2.1  Sample Preparation

Sample preparation in the nano-indentation and nano-scratch tests is based on 
the ISO 14577 standard (parts 1 and 4). According to this standard, the nano-
indentation and nano-scratch tests are independent of the specimen geome-
try and depend only on the specimen thickness which should be large enough 
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relative to the indentation depth such that the test result is not influenced by the 
test piece support. Accordingly, the specimen thickness should be at least 10 
times the indentation depth or 3 times the indentation diameter. In the case of 
coated samples, the coating thickness should be considered as the test piece thick-
ness (ISO-14577-1 2002; ISO-14577-4 2007). Meanwhile, the specimen dimen-
sion must be small enough to be fixed firmly in the test piece holder of the test 
instrument.

The contact area between the test piece and the indenter shall be free of fluids 
or lubricants except where this is essential for the performance of the test. Care 
shall be taken that the contact area is free from extraneous materials (e.g. dust par-
ticles). Surface finish has a significant influence on the test results. The preparation 
of the test surface shall be carried out in such a way that any likely alteration in the 
surface hardness (e.g. due to heat or cold-working) is minimized.

A polishing process that is suitable for the test material shall be used. The test 
surface shall be normal to the test force direction with a tilting angle typically no 
more than 1° (ISO-14577-1 2002; ISO-14577-4 2007).

2.2  Nano-Indentation Test

The nano-indentation test uses an established method in which an indenter tip 
is pressed into specific sites of the test material, by applying an increasing nor-
mal load. When the penetration depth of the indenter tip reaches a pre-set maxi-
mum value, the normal load is reduced until partial or complete relaxation occurs. 
During the test, a high-precision instrument records the values of load and dis-
placement, continuously.

Previous studies demonstrated that the penetration depth of the indenter affects 
the measured mechanical properties of materials and, in most cases, after a depth 
of 200 nm the measured properties are almost stable (Hu et al. 2006; Liu et al. 
2004). Indeed, the indentation depth should be deep enough to minimize the sur-
face effect. Meanwhile, the indentation depth should also be less than 10 % of the 
film thickness when the sample is mounted on a hard substance; otherwise the 
measured value is usually larger than it should be due to the effect of the support 
(Jee and Lee 2010).

In the nano-indentation test, the tip of the testing instrument is calibrated by 
the Oliver-Pharr method, and the same method is used for analyzing the experi-
mental data. The Oliver-Pharr method depends on the unloading segment of the 
load–displacement curve and assumes that only the elastic displacements are 
recovered. However, with this assumption, an error occurs in determination of the 
mechanical properties of polymers due to their time and rate dependent behavior. 
Therefore, to eliminate the error in viscous materials, it is common to hold the 
indenter at the maximum load for a period of time (Chudoba and Richter 2001; 
Ngan et al. 2005).
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2.3  Nano-Scratch Test

During this test, a scratch is made on the sample surface with an indenter tip 
which is drawn at a constant speed across the sample under a constant load or, 
more commonly, a progressive load of fixed loading rate.

The direction of indenter tip in a nano-scratch test affects the scratch results. 
Thus, in order to consider the viscous behavior in the elastic and plastic parts of 
deformation, the indenter is often drawn in the direction which creates high plastic 
deformation in the specimens (Sinha et al. 2009). A schematic illustration of the 
indenter direction in the nano-scratch test is shown in Fig. 1.

3  Mechanical Properties of Bone Cement

Bone cements have numerous applications in orthopedics such as making hip 
prostheses and packing the defects caused by bone tumor. The base of these 
cements is often polymethylmethacrylate (PMMA).

The bone cement is the weakest element in prosthesis and the mechanical fail-
ure in this cement is the main reason for prosthesis failure. Cement failure due 
to the loads imposed under working conditions occasionally forces the prosthetic 
replacement surgery to be repeated. Moreover, the abrasion of bone cement may 
result in small cement debris in the contact surface between the bone and the 
cement, causing the bone to degrade more rapidly. Thus, the assessment of the 
mechanical and tribological properties of bone cements, such as hardness, modu-
lus of elasticity and wear resistance is very important when using these cements.

Polymer powder and liquid monomer are two components of bone cements, 
which can be mixed in different ways. Hand mixing is one of the common meth-
ods for mixing the components of bone cement but it can produce considerable 
porosity in the cement, while the person mixing the cement can also be exposed 
to harmful methyl methacrylate vapors. Another common method for mixing 
the bone cement components is vacuum mixing in which the polymer powder 
and the liquid monomer are mixed under vacuum. The porosity of bone cement 

Fig. 1  Schematic illustration 
of the indenter direction in 
the nano-scratch test
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is expected to reduce in vacuum mixing (Dunne and Orr 2001). The mechani-
cal and tribological properties of bone cement recently studied by Ayatollahi and 
Karimzadeh using the nano-indentation and nano-scratch tests (Karimzadeh and 
Ayatollahi 2012; Ayatollahi and Karimzadeh 2012) are describe in this section.

3.1  Bone Cement Sample Preparation

CEMEX RX (TECRES Company, Italy) was used for preparing the bone cement 
samples. Monomer liquid and polymer powder were mixed according to the 
manufacturer’s instructions. Two methods of mixing were employed. In the first 
method, the components of bone cement were mixed by hand in air at a temper-
ature of 23 °C for 60 s. In the second method, vacuum mixing was used where 
powder and liquid were poured into the vacuum mixing machine and held for 15 s 
under vacuum pressure of 0.7 bars at a temperature of 23 °C. The mixture was 
mixed for 30 s in the conditions described above and then held for a further 15 s at 
0.7 bar vacuum pressure and 23 °C. After mixing the cement components by either 
of hand mixing and vacuum mixing methods, the mixture was injected separately 
into cubic molds of the size 10 × 10 × 5 mm3. The cements were allowed to cure 
for 15 min in air and the specimens were subsequently removed from the molds.

In order to obtain a smooth surface for performing nano-indentation test, all 
the samples were ground with 400–2,500 grit sandpaper and then polished with an 
alumina suspension. The roughness values of samples were checked using atomic 
force microscopy (AFM). The highly polished specimens were kept for 2 months 
in the ambient conditions at 23 °C before conducting the nano-indentation and 
nano-scratch tests.

3.2  Experiments on Bone Cement

The nano indentation and nano scratch tests were performed using a Berkovich 
indenter and a Triboscope system (Hysitron Inc., USA) based on ISO 14577. The 
test setup and Berkovich indenter tip are shown in Fig. 2. The Berkovich indenter 
has an average curvature radius of about 150 nm and is primarily used for bulk 
materials and thin films of greater than 100 nm thicknesses.

3.3  Nano-Indentation Test of Bone Cement

An indentation load of 450 mN with constant rate of 15 mN s−1 was applied. The 
maximum indentation depth in the experiments was limited to 210 nm. A holding 
time of 15 s was selected to minimize the likely error due to the time dependent 
behavior of the material.
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According to the described method, at least five indentations on the randomly 
selected sites of the samples were performed at a temperature of 23 °C. The AFM 
images taken before and after the indentations were used for the subsequent analy-
ses. AFM image of an indentation hole on the bone cement is shown in Fig. 3.

Fig. 3  AFM Image of an indentation hole on the bone cement sample

Fig. 2  a Test device. b Berkovich indenter tip
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3.4  Nano-Scratch Test of Bone Cement

An indenter with penetration load of 500 mN and constant scratch speed of 
0.13 mN s−1 was used. The scratch length was 4 mm and the indenter penetration 
depth was 300 nm. The AFM images were taken before and after the test for ana-
lyzing the sample deformation at the scratch site. Figure 4 shows the AFM image 
of an indentation hole on the bone cement.

3.5  Modulus of Elasticity of Bone Cement

Based on the continuous load–displacement data obtained from a complete cycle 
of loading and unloading during the nano-indentation test and by using the Oliver- 
Pharr method (Oliver and Pharr 2004), the effective modulus of elasticity is calcu-
lated. A sample load–displacement curve obtained from the nano-indentation test 
of bone cement is shown in Fig. 5.

Using the Sneddon relationship, the elasticity modulus of bone cement samples 
can be calculated from (Sneddon 1965):

where E and ν are the elasticity modulus and Poisson’s ratio of the test samples, Ei 
and νi are the elasticity modulus and the Poisson’s ratio of indenter tip and Eeff is 
the effective elasticity modulus of material obtained from the nano-indentation test.

The AFM images of all indentation tests were studied and the elasticity mod-
uli of the hand-mixed and vacuum mixed samples were calculated by using 
Eq. 1 and considering ν = 0.3 (Murphy and Prendergast 1999), νi = 0.07 and 

(1)
1

Eef f

=
1 − ν

2

E
−

1 − ν
2

i

Ei

Fig. 4  AFM Image of a 
scratch on the bone cement 
sample
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Ei = 1,140 GPa, but only for those tests where no redial crack around the indenta-
tion hole were observed. The values used for νi and Ei are based on the technical 
data available for the related Triboscope system. It is noteworthy that the load–
displacement curves of each test sample obtained from the nano-indentation tech-
nique demonstrated good repeatability for the bone cement.

The mean values obtained for the elasticity modulus of the hand-mixed and 
vacuum-mixed CEMEX RX cements and their corresponding standard deviations 
are given in Table 1.

The results indicate that the elasticity modulus of vacuum-mixed cement is 
higher than that of the hand-mixed samples. The comparison between the values 
of hand-mixed and vacuum-mixed moduli of elasticity with t test indicates that 
0.44 difference between the two values is statistically significant (p-value = 0.01). 
Thus, the vacuum mixing method makes the cement stiffer compared with the 
hand mixing method.

According to previous studies (Lidgren et al. 1987; Wang et al. 1996; Smeds 
et al. 1997), the percent volume of porosity in the bone cements produced using 
the vacuum mixing method decreases significantly in comparison with the hand-
mixed cements. The reduction in the percent porosity increases the connection 
between the polymer chains leading to enhanced material stiffness. Therefore, 
the vacuum-mixed CEMEX RX cements are expected to be stiffer than the hand-
mixed ones.

Table 1  Mean value and standard deviation of elastic modulus obtained for the hand-mixed and 
vacuum-mixed cements

Samples Mean elastic modulus (GPa) Standard deviation

Hand-mixed cement 5.56 0.17
Vacuum-mixed cement 6.00 0.10

Fig. 5  Load–displacement curve in nano-indentation test of the bone cement sample
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3.6  Hardness of Bone Cement

Material hardness is defined as the material resistance against surface deformation 
caused by an external load. It can be calculated by dividing the normal load by the 
projected area of the surface on which it was imposed.

As suggested by (Briscoe et al. 1996), the hardness or the normal hardness (Hn) 
can be determined in the nano-indentation test from:

where F′
N

 is the maximum load for a given indentation and A is the projected area of 
the contact surface between the specimen and the indenter. The load–displacement 
curve obtained from the nano-indentation test and also the Oliver-Pharr method were 
used (Oliver and Pharr 2004) in this study in order to calculate F′

N
 and A in Eq. 2.

The mean values obtained for the normal hardness (Hn) of the hand-mixed and 
vacuum-mixed CEMEX RX cements and their corresponding standard deviations 
are given in Table 2.

Table 2 shows that normal hardness of the bone cement increases when the 
vacuum mixing method is used instead of hand mixing. The use of the t-test 
indicates that 0.03 difference between the two values is statistically significant 
(p-value = 0.03).

Scratch hardness (Hs) is one of the parameters in the nano-scratch test which 
is used for determining the resistance of material to the scratch. If the Berkovich 
indenter is used in the nano-scratch test, the scratch hardness is calculated from 
(Williams 1996):

where FN is the maximum normal load applied on the indenter in the nano-scratch 
test and d is the residual width of the scratch. According to the definition of hard-
ness mentioned earlier, one may suggest that the use of the residual scratch width in 
Eq. 3 imposes some errors in the calculation of scratch hardness. (Briscoe and Sinha 
2003) showed that in polymers, the visco-elastic recovery has only a slight effect on 
the scratch width, thus it is reasonable to use the residual scratch width for the calcu-
lation of the scratch hardness.

The AFM pictures taken from the scratch sites (see Fig. 6) were used to meas-
ure the values of residual scratch width i.e. d in Eq. 3. The material pile up around 
the scratches caused some variations in the measured scratch widths. Therefore, at 

(2)Hn =
F ′

N

A

(3)Hs = 2.31
FN

d2

Table 2  Mean value and standard deviation of normal hardness obtained for the hand-mixed and 
vacuum-mixed cements

Samples Mean normal hardness (GPa) Standard deviation

Hand-mixed cement 0.29 0.010
Vacuum-mixed cement 0.32 0.015
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least 10 measurements of the scratch widths were taken and the average value for 
each scratch was used in Eq. 3.

It was found from the AFM profiles of the scratches that under the same load, 
the residual widths of the scratch for the vacuum-mixed samples were less than the 
residual widths of the scratch for the hand-mixed ones. This indicates that the val-
ues of scratch hardness for the vacuum-mixed cement increase in comparison with 
those of the hand-mixed cement.

Table 3 present the mean values obtained for the scratch hardness (Hs) of the 
hand-mixed and vacuum-mixed CEMEX RX cements and their corresponding 
standard deviations.

Independent-samples t-test indicates that 0.14 difference between the two val-
ues of scratch hardness is statistically significant (P-value = 0.009). Therefore, 
one can suggest that the vacuum-mixed bone cement is more resistant to defor-
mation caused by scratching than the hand-mixed bone cement (Karimzadeh and 
Ayatollahi 2012).

Table 3  Mean values obtained for the scratch hardness of the hand-mixed and vacuum-mixed 
cements

Samples Mean scratch hardness (GPa) Standard deviation

Hand-mixed cement 0.48 0.010
Vacuum-mixed cement 0.62 0.053

Fig. 6  An AFM image of scratch and its associated cross section
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If hardness is defined as the resistance of the material against surface deforma-
tion, the same values are expected to be obtained for the normal hardness and the 
scratch hardness. Although the trends for the values of normal and scratch hardness 
obtained in this study are similar for the hand-mixed and vacuum-mixed cements, 
the ratio of the scratch hardness to the normal hardness (i.e. Hs/Hn) is in the range 
of 1.6–1.9. This difference can be due to the various mechanisms involved in the 
two test methods. The normal hardness is the resistance of material against local 
deformation created by vertical penetration of an indenter (near static condition) 
(Duncan 1999), whereas the scratch hardness is ploughing deformation caused by 
the interfacial friction between the indenter and the material (Dunne and Orr 2001).

During the dynamic deformation of the surface which occurs in the nano-
scratch process, the indenter moves laterally and the net energy for causing 
deformation on the material surface is calculated from the scratch force or the tan-
gential component of the load (Briscoe et al. 1996). The scratch force depends on 
the mechanism of material deformation and also on the interfacial friction between 
the indenter and the material. The attack angle during the scratch is another factor 
which influences the scratch force, because the mode of material deformation may 
change with this angle (Sinha et al. 2009).

3.7  Fracture Toughness of Bone Cement

The nano-indentation test can be used for determining fracture toughness of brittle 
materials. Lawn et al. (1980) proposed Eq. 4 for calculating fracture toughness of 
ceramics from an indentation test.

where P is the applied load, E is the elasticity modulus, H is the hardness, and c is 
the length of the surface radial crack measured from the center of the indentation 
hole. α is an empirically determined calibration constant which can be considered 
0.04 for sharp indentation geometries, such as Berkovich (Pharr 1998).

The nano-indentation technique was employed for measuring fracture toughness 
for both hand-mixed and vacuum-mixed bone cements. The AFM images of the 
nano-indentation holes and the corresponding surface radial cracks are shown in 
Fig. 7a and b for the hand-mixed and the vacuum-mixed cements, respectively. The 
length of surface radial crack (c in Eq. 4) is measured from these AFM images.

The values of elasticity modulus and hardness of bone cement obtained ear-
lier from the nano-indentation test were used in Eq. 4 and the values of fracture 
toughness (Kc) were obtained 0.39 MPa

√
m for the hand-mixed cement and 

0.62 MPa
√

m for the vacuum-mixed cement. The results indicate that fracture 
toughness of bone cement increases more than 50 % when vacuum mixing is used 
instead of hand mixing (Ayatollahi and Karimzadeh 2012).

(4)Kc = α

√

E

H

P

c
3

2
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As reported by several researchers (Lidgren et al. 1987; Smeds et al. 1997; 
Wang et al. 1996), the percent volume of porosity in the bone cements produced 
using the vacuum mixing method decreases significantly in comparison with 
the hand-mixed cements. Once the percent porosity is reduced, the connection 
between the polymer chains and hence the material resistance against crack propa-
gation increase. In addition, local stress concentrations are reduced in the samples 
having lower porosity. Therefore, fracture toughness of the vacuum-mixed bone 
cement is expected to be higher than that of the hand-mixed one.

According to the AFM images of the nano-indentation tests, no lateral crack has 
been formed and cracks are observed only at the three corners of the indentation holes, 
among which the longest crack was considered for calculating fracture toughness of 
the bone cement samples from Eq. 4. Due to the relatively large angles between these 
three cracks, the interference between their crack tip stress fields is negligible.

Conventional fracture toughness tests are often performed on rather large test 
samples which impose undesirable extra costs. Since the nano-indentation tech-
nique needs less test material and decreases sample preparation costs in compari-
son with the macro or micro-scale test methods (e.g. Vickers indentation), it can be 
considered as a suitable alternative for determining fracture toughness of brittle or 
quasi-brittle materials like bone cements.

3.8  Elastic–Plastic Behavior of Bone Cement

The elastic–plastic behavior of the material can be characterized by using the 
nano-indentation test. The plasticity index (ψ) and the recovery resistance parame-
ter (Rs) are two important parameters which can be used for such characterizations.

Fig. 7  The surface radial crack around the nano-indentation hole for (a) hand-mixed, and (b) 
vacuum-mixed cements
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The plasticity index of a solid describes the elastic–plastic response of the 
material under external stresses and strains. In other words, this variable deter-
mines the relation between the elastic and the non-elastic (either plastic or visco-
elastic) response of a material.

If the load–displacement data are recorded accurately during the nano-indenta-
tion test, the plasticity index of the material can be estimated from the test results 
using Eq. 5.

where A1 is the area under the loading section of the load–displacement curve 
(i.e. the total work during the nano-indentation test) and A2 is the area under the 
unloading section (i.e. the reversible work due to the visco-elastic behavior during 
the nano-indentation test), as shown in Fig. 5. According to the descriptions, the 
difference between A1 and A2 indicates the irreversible or plastic work during the 
nano-indentation test.

The plasticity index (ψ) can vary between 0 and 1, where ψ = 0 indicates the 
fully-elastic behavior and ψ = 1 represents fully-plastic behavior of the material.

Since in this study the same indenter is used for all samples, the plasticity index 
(ψ) can also be calculated by Eq. 6:

where hm is the maximum indentation depth and he is the elastic reversible indenta-
tion depth which are measured from the load–displacement curve obtained from 
the nano-indentation test. It should be mentioned that hm − he in Eq. 6 shows the 
residual depth in the nano-indentation test.

Recovery resistance parameter (Rs) is another quantitative variable which is some-
times used for characterization of the elastic–plastic behavior of materials. This param-
eter determines the energy dissipation during one cycle of loading and unloading in a 
nano-indentation test and is estimated by the following equation (Bao et al. 2004)

where Eeff and H are the elasticity modulus and hardness of the material, respectively, 
obtained from the nano-indentation test.

Table 4 shows the values of plasticity index (ψ) and recovery resistance param-
eter (Rs) calculated by Eqs. 6 and 7.

The reduction in the plasticity index (ψ) and the increase in the recovery resistance 
parameter (Rs) for the vacuum-mixed cement compared to the hand-mixed cement 
indicate that the portion related to the elastic work is enhanced, and hence the elastic 
recovery of the surface is improved. Therefore, the residual depth in the vacuum-mixed 
cement after the nano-indentation test is lower than the hand-mixed one. The reduction 
in the residual depth causes an increase in the hardness of the vacuum-mixed cement.

(5)ψ =
A1 − A2

A1

(6)ψ =
hm − he

hm

(7)Rs = 2.263

E2

eff

H
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3.9  Wear Resistance of Bone Cement

The residual depth described earlier in the nano-scratch test is a good indicator for 
investigating the material deformation. Figure 8 displays the longitudinal scratch 
sections of the hand-mixed and vacuum-mixed samples. A comparison between 
these curves shows that the residual depth of the vacuum-mixed samples is less than 
that of the hand-mixed ones. Based on the scratch profile, the mean value of the 
residual depth for the hand-mixed cements is 80 nm while for the vacuum-mixed 

Fig. 8  The longitudinal scratch sections of (a) hand-mixed, and (b) vacuum-mixed samples

Table 4  The values of plasticity index and recovery resistance parameter obtained for the bone 
cements prepared by hand-mixing and vacuum-mixing

Samples Plasticity index (ψ) Recovery resistance parameter 
(Rs)

Hand-mixed cement 0.78 241.23
Vacuum-mixed cement 0.76 254.59
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cements this value is 45 nm, indicating that the vacuum-mixed samples have higher 
resistance than the hand-mixed ones (Karimzadeh and Ayatollahi 2012).

One may suggest that the increase in the elasticity modulus and the decrease 
in the plasticity index of the vacuum-mixed bone cement (as shown in this study) 
play an important role in the improvement of the elastic recovery, and thus 
decrease the residual depth of the scratch.

4  Mechanical Properties of a Dental Nano-Composite

Dental nano-composites are relatively new category of restorative composites 
which contain fillers with nano-meter dimensions (20–75 nm). These nano-parti-
cles can improve the physical and mechanical properties of dental composites.

Oral conditions such as moisture and thermal conditions affect the mechanical 
properties of dental materials. Thus, the investigation of the mechanical properties 
of dental materials in oral conditions is very important when using these materi-
als (Montes-G and Draughn 1986). In this section, the mechanical behavior of a 
dental nano-composite in moist media and its thermocycling effects are studied by 
nano-indentation test.

4.1  Dental Nano-Composite Sample Preparation

Some disk specimens each of the diameter 10 mm and the thickness 4 mm were 
prepared from Filtek Z350 XT (3 M ESPE, Germany) nano-composite, accord-
ing to the manufacturer’s instructions. Half of the specimens were stored in dis-
tilled water at room temperature (24 °C) and the other half were thermo-cycled 
in distilled water for 1,000 cycles between 5 and 55 °C according to Gale and 
Darvell (1999). The surfaces of all specimens were polished by diamond pastes 
with meshes of 1 and 0.5 μm. After the sample preparation, the nano-indentation 
test was performed at room temperature (24 °C) on both non-thermocycled and 
thermocycled specimens.

4.2  Nano-Indentation Test on Dental Nano-Composite

The indenter and test setup for the nano-indentation test of dental nano-compos-
ite were the same as those of the bone cement experiment. An indentation load 
of 750 mN with a constant rate of 15 mN s−1 was selected for testing the dental 
nano-composite. The maximum indentation depth in these experiments was lim-
ited to 250 nm. In this study, a holding time of 10 s was selected to minimize the 
likely error due to the time dependent behavior of the material.
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According to the described method, at least five indentations on the randomly 
selected sites of the samples were performed at a temperature of 24 °C. The AFM 
images were used for the analysis of results before and after the indentations. The 
AFM image of an indentation hole obtained from this experiment is shown in Fig. 9.

4.3  Modulus of Elasticity of Dental Nano-Composite

The modulus of elasticity was calculated based on the continuous load–displace-
ment data obtained from a complete cycle of loading and unloading during the 
nano-indentation test, by using the Oliver-Pharr’s method and Sneddon relationship 
(Sneddon 1965). Table 5 displays the mean values and the standard deviations for 
the modulus of elasticity obtained for the dental nano-composite samples. A sample 
load–displacement curve obtained from the nano-indentation test is shown in Fig. 10.

4.4  Hardness of Dental Nano-Composite

Similar to the bone cement samples, hardness was calculated by dividing the nor-
mal load by the projected area of the surface where load was imposed on. The 
mean values and the standard deviations of hardness of the dental nano-composite 
specimens are presented in Table 5. It is seen that the modulus of elasticity of the 
test samples decreases when the dental nano-composite is subjected to thermocy-
cling, but its hardness increases.

A comparison between the mechanical properties obtained from the non-ther-
mocycled and thermocycled samples made by using the independent-samples 
t-test indicates that the decrease of the elasticity modulus and the increase of 
hardness for the two groups are statistically significant (p-value < 0.05). Humid 

Fig. 9  AFM image of an 
indentation hole on the dental 
nano-composite sample
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environment and thermal stresses generated between different components of the 
nano-composite can be the main reasons for the change in the mechanical proper-
ties of the thermocycled dental nano-composites.

5  Concluding Remarks

Nano-indentation and nano-scratch tests were used successfully for measuring the 
mechanical and tribological properties of hand-mixed and vacuum-mixed bone 
cements and also the thermocycled and non-thermocycled dental nano-composites. 

Table 5  The mean values and standard deviations for modulus of elasticity and hardness of the 
dental nano-composite specimens

Samples Modulus of elasticity (GPa) Hardness (GPa)

Non-thermocycled nano-composite 15.07 ± 0.91 0.47 ± 0.05
Thermocycled nano-composite 12.07 ± 0.15 0.61 ± 0.01

Fig. 10  Load–displacement curve in nano-indentation test of dental nano-composite
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Using these tests, the elasticity modulus, hardness, fracture toughness, elastic–
plastic response and wear resistance can be obtained for brittle and quasi-brittle 
materials including many biomaterials. The experimental results showed that the 
mixing method and thermocycling have significant effects on the mechanical prop-
erties of bone cement and dental nano-composite, respectively.
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Abstract After an introduction describing the indentation techniques traditionally 
applied to the study of micromechanical properties of minerals and rocks, phenomena 
induced by the diamond tip’s penetration into crystalline rocks are analyzed. Crystalline 
rocks are characterized by low values of the critical breakage load, i.e. the threshold load 
corresponding to the transition from a ductile to a brittle behavior. As a consequence, 
it seems more convenient to examine the mechanical behavior of crystalline rocks by 
using instrumented nanoindentations. Above the critical load, ranging from rock to rock, 
fractures occur, affecting the indentation results and thus invalidating the values of the 
rock mechanical properties obtained by indentation data processing. In order to deter-
mine the correct values of the hardness and elastic modulus of brittle rocks, an inno-
vative measurement modality for rocks, i.e. Continuous Stiffness Measurement mode, 
is proposed. By providing the continuous evolution of the hardness and of the elastic 
modulus as a function of the indentation depth, it has proven particularly suited to ana-
lyze the effects of induced fracturing on the load versus displacement curve.

1  Introduction

Crystalline rocks consist of crystals of the same mineral or of aggregates of several 
mineral grains and contain discontinuities of different nature. Simmons and Richter 
(1976) and Kranz (1983) classified such microdiscontinuities into four types:

•	 grain boundaries (following the contacts between the grains);
•	 intragranular (lying inside the grains and not contacting the boundaries);
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•	 intergranular (intersecting grain boundaries);
•	 multigranular (the longest cracks, crossing several grains and their boundaries).

At the scale of the laboratory specimen, crystalline rocks are considered mostly 
continuous and homogeneous media and, when there is a marked iso-orientation 
of the grains, anisotropic. For a detailed analysis at the microscopic scale, they are 
revealed as discontinuous solids, affected by a dense network of cracks and grain 
boundary cavities. Figure 1 shows some examples of microdiscontinuities in a gran-
ite's sample. More generally, the discontinuous nature and heterogeneity of rocks at 
the grain scale are well described in Blair and Cook (1998) and in Lan et al. (2010).

Depending on their distribution, nature and statistically prevailing orientation 
more than grains iso-orientation, the defects affect the rock's mechanical behavior 
at a varying extent.

The microdiscontinuities are surfaces along which the failure processes of the 
rock samples under critical state of stresses originate (Tapponnier and Brace 1976; 
Kranz 1979; Wong 1982). Consequently, to properly understand the mechanisms 
leading to the rock's macroscopic failure, analyses should be performed even at the 
micro and nanoscale (discontinuities scale), where the failure begins.

The micro and nano scale analysis on the rock’s mechanical response highlights 
the clear influence of the above mentioned discontinuities on the indentations per-
formed with the different methods available today. Indeed, unlikely the observa-
tions in metals, for instance, the impression’s shape in rock samples completely 
differs from the geometry provided by the interpretative models, as it is generally 
characterized by an intense fracturing, by detachments of chips, wedges, that may 
give rise to unformed craters around the contact area between the sample and the 
indenter.

Despite the deviation, in terms of indent’s shape, from experimentation and the-
oretical models, the mechanical properties (hardness and elastic modulus) are cal-
culated assuming the rock as a continuous, isotropic or anisotropic medium. As a 
consequence, those values can be affected by significant errors, which can be due 
to the fact that the method does not consider the phenomena induced by the tip 

Fig. 1  Polished surface of a 
granite sample. Aggregates 
of quartz, feldspar and biotite 
can be recognized. In quartz 
the microcracks net clearly 
stands out, while in feldspars 
grains the cleavage planes 
traces are more obvious. In 
biotite some microcracks can 
be seen even at naked eye
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penetration into the rock sample during loading and unloading, because the micro-
discontinuities act as stress concentrators.

In order to investigate on the influence of the defects network on the mechani-
cal behavior under indentation of rocks, instrumented Berkovich nanoindentations 
in Continuous Stiffness Measurement (CSM) mode were carried out. This modal-
ity, developed by Oliver and Pharr in 1992 to evaluate the elastic modulus and the 
hardness of continuous, isotropic and elasto-plastic materials, has been adopted for 
the first time for the study of rock materials by Bandini et al. (2012) to examine 
the relationships between the cracks net and the micromechanical parameters of 
brittle and discontinuous media, such as hard rocks.

In the rock mechanics literature, before the work of Bandini et al. (2012), 
instrumented indentation techniques were limited to the determination of micro-
mechanical properties of rocks adopting the conventional quasi-static method, 
not in CSM modality (Broz et al. 2006; Whitney et al. 2007; Zhu et al. 2007; 
Mahabadi et al. 2012).

Compared to the conventional method, the CSM allows analyzing dynamically 
the mechanical behavior (hardness and elastic modulus) and the fracture mecha-
nisms of materials during indentation, as a function of penetration depth with a 
spatial resolution of few nanometers, and consequently it is particularly suited to 
study the failure mechanisms of rock materials.

1.1  Conventional Indentation Methods for Rocks 
Characterization

In rock mechanics the most widespread indentation techniques are the not instru-
mented ones (Delgado et al. 2005; Xie and Tamaki 2007; Yilmaz 2011).

Not instrumented indentation is a static method involving applying and remov-
ing a specified load onto the sample surface by a diamond probe. The indentation 
measurements are taken after the indentation event.

The Knoop diamond tip is usually utilized in rocks, since, compared to the other 
indenters, has the advantage to produce an elongated and therefore easily measur-
able impression, also when the imprint tends to undergo cleavage deformation to be 
charged to the material brittleness, as occurs in many minerals and rocks.

The reference surface commonly used to calculate the Knoop hardness is the 
projected contact area (impression section), APCA, and the Knoop microhardness is 
determined with the Eq. (1):

where α = 172° 30′ e β = 130° are the two characteristic angles of the Knoop 
indenter tip, and P and L the load and the long diagonal’s length of the impression.
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P
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The Vickers microhardness, instead, is conventionally calculated by consider-
ing, as reference surface, the true contact area, ATCA, represented by the side sur-
face of the pyramid, in accordance with the following equation:

where φ = 136° is the characteristic angle of the indenter, and P and d are the 
load and the diagonal length of the squared section impression.

In both Eqs. (1) and (2), hardness is determined purely from the measurements 
of the diagonals length of the permanent impression under a given load, irrespec-
tive of the impression's shape.

The impressions in rocks are rarely regular, sometimes fully developed, often 
partly developed and occasionally they are simply a cross mark. In performing 
Vickers indentations on coal, Das (1974) observed several times that impressions 
having nearly identical length of diagonals and consequently the same hardness 
according to Vickers formula had different shape of the impressions.

These remarks are also confirmed by the results obtained with other testing 
methods, including scratching and impact tests on rock samples (Berry et al. 1989; 
Beste et al. 2004).

The impressions shape in rocks are more complex than the models’ geometry 
(Hughes 1986; Lindqvist and Hai-Hui 1983), valid for homogeneous and con-
tinuous media. Such complexity is due to the microstructural parameters, which 
play an important role: position, orientation according to the stress direction, fre-
quency, size and type of discontinuities (cracks across mineral grains, mineral con-
tacts, cracks crossing different species, cleavage planes), discontinuities' alteration 
degree, grains' mineralogical composition.

The theoretical models that describe the behavior of rocks under point loads 
are limited to consider the brittleness of homogeneous materials and then assume 
symmetrical shapes of the  permanent impression, whereas they do not take into 
account the inhomogeneities also at the scale of the indenter’s tip, which might 
cause distortions or asymmetries.

These models predict the formation of regular and symmetrical chips around 
the indenter (Paul and Sikarskie 1965; Pariseau and Fairhurst 1967; Lundberg 
1974; Hughes 1986) and according to Paul and Sikarskie (1965), a zone of intense 
comminution is also created below the tip.

The models lead to conclude that for brittle materials, such as rocks, the con-
tact area between the tip and the sample remains approximately constant from the 
beginning to the end of the test. It follows that in brittle rocks the impression is 
never the “negative” portion of the penetrated indenter (“positive”).

The Eq. (1) and (2) give the hardness in terms of ratio between the applied load 
and the contact surface between the tip and the material under observation, assum-
ing that the entire portion of the penetrated tip is in contact (hypothesis that  is 
verified for ductile materials, but not for brittle rocks).

(2)HV =
P

ATCA

=
P

d
2

2·sin(φ/2)

= 1.8544 ·
P

d
2
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Thus, it may be reasonably assumed that the rocks’ hardness values calculated 
according to Eqs. (1) and (2) are overestimated and each value deviates from the 
“true” value, in first approximation, proportionally to the induced effects (micro-
cracking, craters, etc.), which vary point to point, as a function of the fabric con-
ditions around the tip.

1.2  Rock's Indentation: Induced Phenomena

From examining the residual impressions on rock samples, it appears that the 
states of stress due to a shaped tip’s penetration generate effects in an area much 
larger than the indenter’s section, depending upon the rock’s heterogeneity degree 
(pores and microcracks).

Cracks within each crystalline element, contact surfaces between grains of the 
same mineral or different species, schistosity surfaces and cleavage planes act as 
“weakness points” in the rock structure. As the microstructure’s  conditions of the 
rock change in the contact area between the rock sample and the indenter, various 
phenomena can be noted.

We may observe  rock’s plasticization, as pointed by the mark on the left side 
of the impression in Fig. 2a. The Fig. 2b shows a bifurcation of the impression, as 
well as another mark. The pictures c and d (Fig. 2) are characterized by more or 
less symmetrical marks of various extents. In the last two pictures of Fig. 2(e and f) 
two craters were generated next to the indent. Similar phenomena are visible even 
in Fig. 3 relating to indentations on feldspar grains of the same granite sample of 
Fig. 2. The two impressions in Fig. 3a are affected by intense streaks. Moreover, 
the Fig. 3 (b, c, d, e) gives examples of craters of varying shape and extension. The 
Fig. 3e displays an intense network of induced microfractures at the ends of the 
long diagonal of the impression.

The Fig. 4, referring to impressions on biotite grains, highlights the influ-
ence on the microstructure on the shape and extension of the induced effects. 
The indents with the longest diagonal parallel to the cleavage planes (Fig. 4a) are 
accompanied by a set of cracks parallel to the longest diagonal. It means that the 
biotite lamellae are widened under indentation. The indentations perpendicular 
to cleavage (Fig. 4b) induce the rock deformation up to cause a dense network 
of microcracks parallel to the short diagonal of the rhombus, giving to the indent 
a squatter shape. The impression produced along a direction slightly inclined 
(Fig. 4d) with respect to the configuration of Fig. 4a is markedly asymmetrical. It 
seems more pronounced toward the left side and such extension is clearly due to 
the lamellae orientation, which opens under stress.

In the same rock sample we can often find both regular and shapeless indents, 
surrounded by craters that make the diagonal’s length difficult to measure and 
therefore alter the impression’s shape. Figure 5 refers to the same Carrara mar-
ble sample. In the first case (Fig. 5a) a close net of well-marked microfractures 
extends both on the right and on the left side, but anyway the impression is very 
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clear and visibly contrasts into the background. In the second case (Fig. 5b), it is 
not easy to define the exact contour of the impression since the detachment of a 
large piece of material occurred.

According to Brace (1961), the impression’s shape should be clearer and more 
regular in extremely fine-grained rocks because the network of microcracks has 
a mesh less than or comparable with the tip size and the structural weakness is 
homogenously spread throughout the rock.

Generally, the effects of each indentation extend well beyond the contact area 
between the sample and the indenter tip. The failure does not occur with radial 
cracks, as assumed by the theoretical models and observed in other materials 
(Oliver and Pharr 1992). Fractures arise along preexisting microdiscontinuities. 
For instance, Wong and Bradt (1992) noted that indentations inside calcite crystals 
always induce cleavage cracks and twins, regardless of the tip’s orientation with 
reference to the cleavage planes directions (Carter et al. 1993).

The indentation effects also depend on the mineralogical composition of the 
grains. The grooves produced by scratching within single grains are characterized 
by different shapes depending on the involved mineral species (Berry et al. 1989; 
Beste et al. 2004). For example, in Berry et al. (1989) the minerals of granite 
respond differently to the shear stresses. In the feldspar the groove appears to be 

Fig. 2  Optical micrographs 
of Knoop residual 
impressions (P = 1.9 N) on 
quartz grains of a granite 
sample. The first four pictures 
(a, b, c, d)    show signs of 
coaction or induced yielding. 
The pictures (e and f) depict 
the craters produced by the 
penetration of the indenter 
tip, from the edges of the 
impression
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controlled by the induced cracks and it mainly develops along the cleavage planes. 
Sometimes the groove is barely detectable. In quartz the boundary is more irregu-
lar than in the feldspar, consisting of the microcracks produced by the cutter and 
by the preexisting ones. Moreover, along the grooves’ boundaries a band of dis-
continuities can be noticed. In the biotite, the groove is contained inside the min-
eral and marked effects beyond the streak are not visible.

At the contacts between the various rock minerals, the effects vary in depend-
ence of the species of neighboring minerals, of the size of the crystals elements, 
of the joint strength and of its orientation with respect to the groove. If the ori-
entation is favorable compared to the stress direction, stresses concentrate in the 
flaws edges determining the propagation and coalescence along the preexisting 
discontinuities.

The extent and the intensity of the produced phenomena depend on the value of 
the applied load, in addition to the rock fabric. For example, a load of 2 N induces 
cracks in all the Mohs minerals (Broz et al. 2006). Each Mohs mineral responds 
differently to indentation, as is evident by the length, number, direction and type 
of cracks produced by Vickers microindentation (Broz et al. 2006).

Fig. 3  Optical micrographs of Knoop residual impressions (P = 1.9 N) on feldspar grains of a 
granite sample. The first picture (a) shows marks of coaction or induced yielding (two impres-
sions). The other four pictures (b, c, d, e) highlight microfracturing and micro-craters beyond the 
yielding signs
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In crystalline rocks induced cracking is evident also at lower loads. Figures 6 
and 7 depict illustrative examples of Knoop and Vickers indents, by applying a 
load of 100 mN on a marble sample. Cleavage cracks and twins are clearly identi-
fiable, despite the low applied load.

In Bandini et al. (2012) a load of a few mN is enough to have fracturing around 
the indents in marble. Likewise, also Skrzypczak et al. (2009) always noticed 

Fig. 4  Optical micrographs of Knoop residual impressions (P = 1.9 N) on biotite grains of a 
granite sample. Cleavage markedly affects the impression’s shape and sizes. The first picture 
(a) shows effects induced by an indentation along the cleavage planes direction. The second one 
(b) represents the produced effects when the tip is rotated through 90° relative to the cleavage 
planes direction. The third one (c) compares the previous configurations. The last one (d) shows 
an impression produced by rotating the tip’s longest diagonal by 18° with respect to the cleavage.

Fig. 5  Optical micrographs of two Knoop residual impressions (P = 1.9 N) on Carrara 
marble
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cracks and were not able to experimentally observe the transition from plastic 
deformation to brittle fracture, because the range of applied loads (from 250 mN 
to 5 N) was higher than the threshold load between ductile and brittle response.

1.3  Critical Breakage Size

During an indentation, the energy given to the sample may be spent in two dif-
ferent ways. Fracturing occurs, as the energy allows creating new surfaces, or the 
material deforms plastically, the energy being dissipated by atoms rearrangement. 
In addition, a part of energy, which can be neglected, is dissipated as heat.

The one or the other of the two above mentioned phenomena prevails depend-
ing on the value of the applied load and, as a consequence, on the sizes of the 
indent produced by indentation.

Fig. 6  SEM micrograph 
(2000x, SE) of a Knoop 
indent (P = 100 mN) into 
a calcite grain of a marble 
sample (Bandini et al. 2012)

Fig. 7  SEM micrograph 
(5000x, SE) of a Vickers 
indent (P = 100 mN) into 
a calcite grain of a marble 
sample (Bandini et al. 2012)
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The critical breakage size, acrit, is defined as the size corresponding to the tran-
sition from a ductile to a brittle behavior. Consequently, it results from the ener-
getic balance between plastic deformation and crack propagation.

In particular, the energy WS needed to plastically deform a particle of volume 
a3 can be expressed with the Eq. (3):

where σP and E are, respectively, the yield stress and the Young’s modulus of the 
material.

The energy WP required to create a new surface a2 is:

where G is the crack propagation energy.
It results:

The energy balance becomes favorable to plastic deformation for sizes lower 
than the critical one, acrit. Above this size, the behavior becomes brittle and frac-
tures occur.

Determining accurately the critical breakage size with Eq. (5) is complex, since 
it requires to know σP and G. On the other hand, the heterogeneity of the rock 
materials leads to a high dispersion in the values of such parameters and then it is 
difficult to choose the more appropriate values.

Skrzypczak et al. (2009) introduced a procedure to experimentally determine 
the critical breakage size through Vickers indentation techniques. This procedure 
consists in characterizing the indents by the diagonal length d of the plastically 
deformed area and by the length 2c of the cracks around the indent (Fig. 8).

The diagonal length d of the permanent impression is related to the Vickers 
hardness HV through Eq. (2).

The cracks length 2c depends on the material resistance to crack propagation. 
The fracture toughness under the fracture mode I, KIC, can be calculated with 
Eq. (6):

Assuming that E, HV and KIC are independent of the applied load P, the two 
Eqs. (2) and (6) are represented by two straight lines of slope 2 and 3/2 respec-
tively in the plot of Fig. 8b. Thus the intersection point obtained by extrapolating 
the two straight lines defines the critical load Pcrit and the corresponding size acrit.

For loads higher than Pcrit, brittle cracks appear, while, for load lower than 
Pcrit, only plastic deformation is observed. The acrit corresponds to the critical size 
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below which no cracking occurs. By applying this methodology, Skrzypczak et al. 
(2009) obtained low value for critical load and size (4-5 mN e 1.9 μm, respec-
tively) in Carrara marble, suggesting that microindentation of crystalline rocks 
results in cracking.

2  Instrumented Nanoindentation in Continuous Stiffness 
Measurement Modality in Rocks

Compared to the not instrumented one, the instrumented indentation testing has 
the advantage of continuously measuring the penetration depth of the indenter into 
the sample surface and the load applied to the sample.

Unlikely the materials science where it is largely used, the instrumented inden-
tation has been rarely utilized to study the micromechanical properties of minerals 
and rocks and never in CSM mode before the work of Bandini et al. (2012).

Broz et al. (2006) used nanoindentation to determine the mechanical properties 
of Mohs scale minerals. Whitney et al. (2007) reported the elastic modulus and 
hardness by instrumented indentations for common metamorphic minerals. Zhu 
et al. (2007) attempted to correlate the hardness and the elastic modulus maps of 
rocks samples (quartzite and granodiorite), by Berkovich nanoindentation, to the 
mineralogy and shape of the rocks-forming minerals grains, resulting from analy-
sis with optical and scanning electron microscopies.

Mahabadi et al. (2012) conducted grid micro-indentation tests, to determine the 
instrumented indentation modulus and fracture toughness of the constituent phases 
of a crystalline rock as input parameters for numerical modeling. Such research 
represents one of the first attempts to consider the rocks heterogeneity when mod-
eling their mechanical behavior.

Fig. 8  a Scheme of a Vickers indent with radial cracks; b Theoretical evolution of the diagonal 
length d of the Vickers indentation and crack length 2c versus the applied load P (Skrzypczak  
et al. 2009)
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The instrumented indentation testing was developed to measure the mechani-
cal properties of a material from the indentation load and indentation depth data 
obtained during on cycle of loading and unloading. A tip is pushed into the sample 
surface. It produces a load versus displacement curve from which the indentation 
modulus and the hardness of the tested material can be quantified by following the 
method developed by Oliver and Pharr (1992, 2004).

2.1  Oliver and Pharr’s Method

During an instrumented indentation, the indenter displacement h, relative to the 
initial undeformed sample surface, is continuously registered under the controlled 
application of a normal load P. hmax represents the displacement at the peak load 
Pmax, hC is the contact depth and is defined as the depth of the indenter in contact 
with the sample under load, hf is the final displacement after complete unloading 
and S is the slope of the unloading curve defined as contact stiffness (Fig. 9).

During loading, deformation is supposed to be both elastic and plastic, since the 
permanent impression forms. During unloading, it is assumed that only the elastic 
displacements are recovered. For this reason, the method does not apply to materials 
in which additional plastic deformation is observed during unloading path of the load 
versus displacement curve, a phenomenon that is usually referred as “reverse plasticity”. 
However, such events are very unusual and have been observed only in a few cases 
and only in case of metals (Oliver and Pharr 1992, 2004), so they can be considered 
as negligible in the investigated rock and more generally in rock materials.

The elastic nature of the unloading curve facilitates the analysis and the contact 
process can be modeled by using the Sneddon’s elastic solution (Sneddon 1965).

The reduced modulus ER, which takes into account elastic displacements occur 
in both the specimen and the indenter, describes the elastic contact between the 
indented material and the indenter’s tip. It is calculated from the contact stiffness S 

Fig. 9  A typical load P 
versus displacement h curve 
for a conical indenter
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and the contact area AC, by using the Eq. (7) derived from the Sneddon’s solution 
(Sneddon 1965) for the elastic contact between a cone and a flat surface:

where β is a constant depending on the indenter’s geometry (β = 1.034 for a 
Berkovich indenter and β = 1 for a spherical tip).

Oliver and Pharr (1992) suggested the use of a power law to describe the 
unloading curve:

where B and m are material constants determined by best fitting analysis 
(1.2 ≤ m ≤ 1.6).

The slope of the upper part of the unloading curve defines the contact stiffness S:

The contact area AC can be calculated continuously from the depth of the 
indenter-sample contact hC.

By applying the elastic model of Sneddon (1965), it follows:

where the constant depends on the geometry of indentation and can be derived analyti-
cally from the Sneddon’s solution (η = 0.72 for cones and η = 0.75 for spheres).

Therefore:

where the function f(hC), known as area function, is calibrated using standard sam-
ple of amorphous silica (SiO2). The indenter shape at the apex is complex and in 
nanoindentation the function area is well expressed by a polynomial relation:

By knowing the Poisson’s ratio, the elastic modulus of the material E can be 
determined from the reduced modulus ER, by the Eq. (13):

where E, Ei, ν e νi are Young’s moduli and Poisson’s ratios for the specimen and 
the indenter.
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The material hardness is expressed as follows:

where A is the projected contact area at the peak load Pmax.

2.2  Continuous Stiffness Measurement Modality

The CSM mode lies in superimposing a small sinusoidal oscillation on the pri-
mary loading signal and analyzing the resulting response of the system (Oliver 
and Pharr 1992). The loading curve can be seen as the superposition of a series of 
small cycles of loading and unloading, from each of which the elastic modulus and 
hardness to that value of load may be determined. The hardness and elastic modu-
lus can be recorded as a continuous function of the surface penetration depth by 
continuous measurement of the dynamic contact stiffness.

By providing the continuous evolution of the elastic modulus and hardness 
 during the loading phase, the CSM allows to assess the critical load Pcrit and, as a 
consequence, until which load value the elastic modulus and the hardness may be 
considered actually representative of the material.

2.3  Case Study

The experimentation has been carried out on a calcitic marble (Bandini et al. 2012; 
Bandini and Berry 2013), in which the granoblastic (with regular grains and triple 
points) and xenoblastic (with well interlocked grains of irregular shape) textures 
coexist. Such textures show a different response to stresses (Table 1) at the labora-
tory’s scale even if the mineralogical composition is almost monomineralic and 
the grain size does not vary substantially as a function of microstructure.

Berkovich nanoindentations in CSM mode were performed inside calcite grains 
composing the two textures (xenoblastic and granoblastic) in order to examine the 
evolution of the indentation hardness, elastic modulus and fracture mechanisms of 
the two marble textures.

The experimental results show failure occurs from preexisting flaws, acting as 
stress concentrators in controlling the rock’s strength.

Indentations cause the brittle failure of the calcite grains, whatever their shape 
(regular for granoblastic and irregular for xenoblastic one) and the induced fractur-
ing is ruled by the cleavage planes (Fig. 10).

Such intragranular failures can be recognized by the load versus indentation  
depth curves and by the SEM micrographs of the indents (Fig. 11). These curve 
are never regular and in the loading part (Fig. 11a) often exhibit pop-in phenom-
ena, i.e. sudden discrete increase of the penetration depth at an approximately 

(14)H =
Pmax

A
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constant load, as also noticed in other materials (Jian 2007; Saber-Samandari and 
Gross 2009; Tulliani et al. 2009). The pop-in is due to the formation of cracks, 
fractures around the indenter, as found by Presser et al. (2010), because of the rock 
inhomogeneity even on the scale of hundreds of nanometers.

Cracks are noted around each indent and the transition from plastic deformation 
to brittle fracture cannot be directly observed because the range of the maximum 
applied loads appears higher than the plastic-brittle threshold of calcite.

The fracturing induced by the indenter’s penetration into the sample causes 
the progressive decrease of the elastic modulus and of the hardness, continuously 
recorded during loading (CSM mode) (Fig. 12).

Fig. 10  SEM micrograph 
(10.000×) of a Berkovich 
indenter: fracturing induced 
by the tip penetration 
(Bandini et al. 2012)

Table 1  Mechanical properties of the marble under investigation (Bandini et al. 2012)

∗
∆m = |mX−mG|

(mX+mG)/ 2
· 100

X xenoblastic; G granoblastic; n total porosity; σc UCS; σt Brazilian indirect tensile strength; 
Vp,dry and Vp,sat dry and saturated P-waves velocities; N number of tests; min minimum value; 
max maximum value; m mean value; Δm* relative difference, in percent, between the mean 
values of xenoblastic and granoblastic parameters (mX, mG); ν variation coefficient

N Min Max m Δm*(%) v (%)

n [%] X 6 3.2 2.9 3.5 \ 6.3
G 11 3.2 2.9 3.4 4.9

σc [MPa] X 4 87.5 104.0 94.3 34.0 6.9
G 4 60.8 72.0 66.9 6.3

σt [MPa] X 3 7.3 8.8 8.1 33.1 7.5
G 3 5.4 6.1 5.8 5.2

Vp,dry [m/s] X 6 5,446 5,296 5,616 60.5 1.9
G 11 2,538 2,233 3,009 8.3

Vp,sat [m/s] X 6 6,136 6,108 6,175 7.8 0.4
G 11 5,679 5,638 5,709 0.4
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Actually, they should be considered as apparent elastic modulus and hardness, 
since such reduction appears due not to actual variations of the calcite grains prop-
erties but to failure and sliding along the cleavage planes of calcite grains.

The elastic modulus and the hardness obtained by the conventional instru-
mented indentation (without applying the CSM mode) correspond to the values at 
the deepest penetration depth, i.e. Emax (Fig. 13) and Hmax.

For the extensive cracking during loading which reduces the apparent elastic 
modulus and hardness during indentation, Emax and Hmax would be affected by 

Fig. 11  Berkovich nanoindentations. a Load P versus indentation depth h; b SEM micrograph 
(10.000×) of the impression generated by the indentation, where fracturing is indicated by an 
arrow (Bandini et al. 2012)

Fig. 12  Elastic modulus E  (a) and Berkovich hardness H  (b) variations during an indentation 
(nanoindentations in displacement control, CSM mode)
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a significant error and consequently the conventional instrumented indentation 
would give a wrong description of the rock properties.

On the other hand, the CSM mode, giving the complete elastic modulus and 
hardness versus indentation depth profiles, allows to correctly estimating the rock 
properties.

As cracking is not observed for low applied loads (in this case, lower than 
3 mN), the correct values of the elastic modulus and of the hardness can be 
achieved by extrapolating these profiles to zero depth (E* and H*) (Fig. 13), for 

instance, by fitting the profiles with a polynomial function. As can be seen, such 
values differ from the mechanical properties at the maximum load, Emax and Hmax 
(Tables 2 and 3).

It results the calcite grains forming the two textures have the same intrinsic 
properties, for instance an elastic modulus of around 70 GPa (Fig. 14) in agree-
ment with literature data for calcite (Broz et al. 2006; Presser et al. 2010), as 
we can see by the comparison of the curves of the elastic modulus versus 

Fig. 13  Berkovich 
nanoindentations in CSM 
mode: elastic moduli 
extrapolated at zero 
depth (E*) and to the 
maximum applied load (Emax)

Table 2  Berkovich nanoindentations in CSM mode on xenoblastic marble: elastic modulus and 
hardness values extrapolated at zero depth (E* and H*) and at the maximum applied load (Emax 
and Hmax) (Bandini et al. 2012)

E* [GPa] H* [GPa] Emax [GPa] Hmax [GPa]

m [GPa] 75.0 3.4 42.3 1.4
ν (%) 6.0 9.1 10.4 28.4
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indentation depth (Fig. 14), which show no significant variation for depth lower 
than 200 nm.

Moreover, the CSM Berkovich nanoindentations picked out a more marked ten-
dency to cleavage fracture of the xenoblastic marble grains, since the elastic mod-
ulus decreases more significantly with increasing the indentation depth (Fig. 14).

The calcite grains of the xenoblastic marble, which shows higher strengths at the 
scale of the laboratory sample (Table 1), appear more brittle than the calcite grains 
of the granoblastic texture and fracturing is already noticeable to a load of 5 mN, 
critical threshold load for the transition between plastic deformation and brittle frac-
ture, similar to the value obtained by Skrzypczak et al. (2009) in Carrara marble.

With increasing the indentation depth, the elastic modulus of the calcite grains 
decreases more markedly in the xenoblastic marble, for a more significant ten-
dency to cleavage fracture. It explains why we obtained lower elastic moduli at the 
maximum applied load, Emax, in the xenoblastic marble (Tables 2 and 3).

The same considerations can be made for the hardness. Similarly, the Berkovich 
hardness decreases more significantly in the calcite grains of the xenoblastic tex-
ture, resulting in lower apparent hardness (Tables 2 and 3), for the same reason.

Fig. 14  Elastic modulus 
E versus indentation depth 
h: comparison between two 
calcite grains of xenoblastic 
and granoblastic marble

Table 3  Berkovich nanoindentations in CSM mode on granoblastic marble: elastic modulus and 
hardness values extrapolated at zero depth (E* and H*) and at the maximum applied load (Emax 
and Hmax) (Bandini et al. 2012)

E* [GPa] H* [GPa] Emax [GPa] Hmax [GPa]

m [GPa] 73.9 3.7 57.3 1.7
ν (%) 9.7 19.4 7.3 11.1
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3  Discussion

The study clearly shows that reliable values of the elastic modulus and hardness of 
rock materials can be obtained only after a careful analysis of the load versus dis-
placement curve and of profiles of the elastic modulus and hardness during inden-
tation (CSM mode). On the other hand, the conventional instrumented indentation 
does not take into account the tendency to brittle failure of the rock material. As 
a consequence, it can significantly underestimate the rock's mechanical proper-
ties, since the induced cracking determines a gradual decrease of the indentation 
modulus and hardness. The CSM allows to evaluate to which load value only plas-
tic deformation occurs and the rock's hardness can be defined. Above the critical 
load, from rock to rock, fractures occur, affecting the indentation results and thus 
invalidating the values of the rock mechanical properties. The correct values of the 
elastic modulus and hardness can be achieved only for loads lower than the critical 
load. In the case study, indentantion results in cracking also at loads of few mN. 
As a consequence, the correct values of the elastic modulus and hardness can be 
achieved by extrapolating their profiles to zero depth.

4  Concluding Remarks

In rock mechanics the Knoop and Vickers not instrumented indentations are tra-
ditionally adopted. Because of the discontinuous nature of rocks, the residual 
impression produced by microindentation is almost never perfectly regular and 
several phenomena (fracturing, chips and wedges detachment, craters formation) 
are induced by the tip's penetration into a rock sample. Consequently, the calcu-
lated hardness deviates from the "true" value, proportionally to the induced effects.

The critical breakage load of crystalline rocks, corresponding to the transition 
from a ductile to a brittle behavior, is low (order of few mN). In other words, a 
load of few mN is enough to generate fractures around the impression. Therefore, 
it is more convenient to examine the mechanical behavior of such rocks by using 
instrumented nanoindentations. Above the critical load, ranging from rock to rock, 
fracturing occurs, affecting the indentation results, thus invalidating the values of 
the elastic modulus and hardness by instrumented indentation data processing. The 
research work proposed an innovative approach in rock mechanics, consisting in 
nanoindentation in continuous stiffness measurement (CSM) mode, to determine 
the correct elastic modulus and hardness of the rock.

By using the CSM modality, which provides the continuous evolution of the 
hardness and of the elastic modulus as a function of the indentation depth, the cor-
rect mechanical properties of the rock can be deduced by analyzing the effects of 
the induced fracturing on the load versus displacement curve. In the investigated 
rock, the hardness and elastic modulus may be obtained by extrapolating their 
profiles (CSM) during indentation, to zero depth. Moreover, the research shows 
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that, on the other hand, the mechanical properties by the conventional instru-
mented indentation, without applying the CSM, neglecting the fracturing’s effect, 
cannot be considered as representative of the rock (apparent elastic modulus and 
hardness).

In conclusions, the study should be seen as a preliminary investigation aimed at 
evaluating the research opportunities offered by the application of the Oliver and 
Pharr’s method to the rocks and, in particular, of the CSM mode for determining 
the mechanical properties of rock materials.

The theme deserves further investigations aimed at studying the micromechani-
cal properties of soft rocks through instrumented indentation technique in CSM 
modality.
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Abstract Microstructure and properties of sintered components produced from 
nanoparticulate materials are critically dependent on degree of deagglomeration of 
particulates prior to their consolidation. While all nanoparticulate materials have an 
inherent tendency to agglomerate owing to attractive Van der Waals forces the impact 
of agglomeration on sintering behavior/sintered density of powder compacts and asso-
ciated properties is significant. Although a lot of work has been carried out on develop-
ing approaches to deagglomeration of nanopowders it is a challenging task to evaluate 
the extent of deagglomeration by examining powder compacts. Microscopy of powders 
(TEM) or of compacts (SEM) is unable to provide any clear distinction between pow-
ders with different degrees of particulate agglomeration/deagglomeration. The present 
chapter cites two case studies from processing of dye sensitized solar cells and synthe-
sis of nanocrystalline yttria stabilized zirconia (YSZ) powders respectively to illustrate 
that nanoindentation can be an effective way of characterizing the impact of deagglom-
eration approaches and the consequent deagglomeration extent on powders and com-
pact characteristics. Electrical characterization of the titania based dye-sensitized solar 
cells, characteristics of green and sintered compacts prepared from synthesized nano 
YSZ powders are supported by observations from nanoindentation studies.

1  Introduction: Dye Sensitized Solar Cells

Since 1991, following the demonstration of Dye Sensitized Solar Cells (DSSCs) 
for the first time by Professor Michael Gratzel at EPFL (O′Regan and Gratzel 
1991), DSSCs have been attracting attention of both researchers and industries 
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worldwide. Due to its low material cost, easy and inexpensive methods of fabri-
cation and reasonably good power conversion efficiency (10–12 %) (Chiba et al. 
2006; Ito et al. 2008), DSSCs are being considered to be a potential alternative to 
expensive conventional inorganic solar cells. Light harvesting in DSSCs is achieved 
through dye molecules that are chemisorbed on the available titania surface within 
the mesoporous titania films. Unlike silicon solar cells, electrons and holes in a 
DSSC are transported in two different phases; TiO2 and the electrolyte respectively 
because of which, the chances of recombination in the cell become low. Hence, 
DSSCs do not require ultra high pure materials unlike inorganic solar cells. In addi-
tion, DSSCs have been proved to perform better than conventional solar cells, with-
out significant change in the power conversion efficiency, in diffused light (Toyoda 
et al. 2004) and at moderate temperature—up to 50 °C (Berginic et al. 2007). 
Moreover, these cells can be made on flexible substrates (Pichot et al. 2000; Durr 
et al. 2005) and hence find wide range of applications, such as on clothes, bags, car 
tops, etc. Transparency of these cells and their invariant performance under diffused 
light make these cells more attractive for indoor applications.

A schematic of a dye sensitized solar cell is shown in Fig. 1. The dye molecule 
adsorbed on TiO2 surface (photoanode) absorbs light (light harvest) and undergoes 
photoexcitation. Electron in the excited state of the dye is then injected into conduc-
tion band of TiO2 and diffuses through the film (electron transport) to reach the sub-
strate. From the substrate it goes through external circuit across a load to the counter 
electrode where it reduces oxidized species (tri-iodide) in the electrolyte. Since 
light harvest and electron transport are two key processes that affect photovoltaic 

Fig. 1  Schematic diagram of a dye sensitized solar cell
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properties of a DSSC, performance of the cell is known to be critically dependent on 
the titania photoanode characteristics. The photoanode is usually prepared by doc-
tor blading or screen printing of titania slurries/pastes to form a film with thickness 
ranging from 3–10 μm on transparent and conductive substrates (glass or plastic 
coated with transparent conductive oxides). The extent of deagglomeration achieved 
in titania slurries/paste can have a significant impact on particle size, pore size, sur-
face area of the film which eventually alter the cell performance.

1.1  Effect of size of TiO2 Agglomerates on cell Performance

Studies on effect of particle/agglomerate size of titania on performance of DSSCs 
reported in literature have been carried out mainly from the view point of impact of 
surface area/pore size on dye loading. Smaller particle size, leading to larger inter-
nal surface area, is always expected to enhance the dye loading and hence the cur-
rent density in the cell. But, contrary to that it has been reported in many studies 
that Jsc and overall efficiency of the cell increases with particle size (Saito et al. 
2004; Chou et al. 2007). For instance, TiO2 films of same thickness produced by 
screen printing of TiO2 pastes prepared in three different dispersion media; PEG 
600, mixture of water and ethanol, and terpineol showed highest Jsc and efficiency 
for the film having largest TiO2 particles (Ingli et al. 2003). The films made from 
PEG-based TiO2 paste had larger particles and pores compared to that of films made 
from water based paste and showed highest current density and efficiency. Bigger 
pores probably allowed better permeation of the dye into TiO2 films made from 
PEG based paste and consequently, increased the dye loading despite lower sur-
face area. Highest efficiency obtained for the film made from PEG based paste was 
attributed to its greater dye content and more scattering of light in the film due to 
larger particles. Although the surface area and pore size for film made from water 
based dispersion was small compared to that of the film made from terpineol based 
dispersion, the efficiency of the former was higher than the latter because of greater 
amount of dye adsorbed on the film made from water based paste.

A study on effect of TiO2 particle size on performance of DSSC, undertaken by 
Chou et al. (2007), also showed increase in Jsc and efficiency with particle size. It 
was found that the TiO2 nanoparticle film with smaller particles (~10 nm in diam-
eter) resulted in a lower overall light conversion efficiency of 1.4 % with an open-
circuit voltage of 730 mV, a short-circuit current density of 3.6 mA/cm2, and a fill 
factor of 54 %. Larger particles (~23 nm in diameter) resulted in a higher efficiency 
of 5.2 % with an open-circuit voltage of 730 mV, a short-circuit current density of 
12.2 mA/cm2, and a fill factor of 58 %. The increase in short-circuit current density 
and overall light conversion efficiency with the increase in particle size might have 
been due to the better dye adsorption behavior of the larger TiO2 nanoparticles, where 
larger particles allow for more dye adsorption through easier access of dyes. While 
the performance of DSSCs for different particle/agglomerate sizes has been analyzed 
in terms of dye loading none of the studies have examined impact of agglomerate 
size on physical interparticle connectivity and its correlation to DSSC performance.
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1.2  Fabrication and Characterization of TiO2 film

In order to compare the impact of TiO2 agglomerate size on performance of 
DSSCs, slurries were prepared by roller milling (rpm = 90) and centrifugal ball 
milling (rpm = 1,100). The resulting slurries with different agglomerate size 
were used to make photoanodes. The slurries made by both methods contained 
TiO2 powder (Degussa P25, BET specific surface area 47 m2/g) in ethanol and 
PEG600 (polyethylene glycol). After adding the required amount of titania pow-
der (6 vol. %) to ethanol and PEG (1 ml per g of titania), the mixture was milled 
on roller mill for 24 h (the slurry denoted as RM24) or ball milled on a centrifu-
gal mill for 3 h (BM3), ball milled for 3 h followed by roller mixing for 24 h 
(BM3RM24) or 5 days (BM3RM5D). The particle size and its distribution in 
the slurries were measured by dynamic light scattering technique using parti-
cle size analyzer (Beckman Coulter, Delsa Nano C). TiO2 films (1 cm × 1 cm) 
were made from all the prepared slurries by doctor blade technique on an FTO 
glass substrate (8Ω/square, Pilkington) by a glass rod. Nanoindentation (Load 
control mode, 500 μN/s, Turboindenter TI 900, Hysitron) on the sintered 
TiO2 films was done to know the apparent hardness of the films which indi-
rectly related to TiO2 interparticle connectivity and particle packing in the film 
(Raicham et al. 2006).

DSSCs were fabricated using the above photoanodes and a platinized (sputter 
deposited) FTO substrate as counter electrode. Surlyn (25 μm thick, Solaronix) 
gasket of size 13 mm × 13 mm was used as spacer between the electrodes. The 
electrolyte used in the cells was composed of 0.1 M LiI (Merck), 0.05 M I2 
(Thomas Baker), 0.5 M TBP (Sigma Aldrich) in acetonitrile (Merck). A dye sen-
sitized solar cell at different stages of preparation including an assembled cell are 
shown in Fig. 2. I–V measurements under illumination (100 mW/cm2) and in dark 
were taken on the DSSCs with a Keithley 2,420 source meter. A Newport class A 
solar simulator was used to provide the 1 sun condition (100 mW/cm2) during the 
I–V measurement.

Fig. 2  a Bare FTO coated glass, b sintered TiO2 film (white area) on FTO glass, c TiO2 film-
stained with N3 dye, d the DSSC made with the TiO2–N3 film and Pt coated FTO, e FESEM 
micrograph of the sintered TiO2 film (scale bar:100 nm)



235Examining Impact of Particle Deagglomeration Techniques on Microstructure

1.3  Impact of Milling Technique on Particle size

The primary particle size of the as-received Degussa P25 TiO2 powder was found 
to be in between 20 to 30 nm but these were highly agglomerated, as could be seen 
in the TEM image of the as-received P25 powder in Fig. 3a. Again, the mean par-
ticle size of the as-received P25 powder measured by the dynamic light scattering 
technique was found to be above 1,000 nm, which proved that the TiO2 nanopow-
der from Degussa had large agglomerates composed of more than 40 primary parti-
cles. These agglomerates were broken down to different sizes when the TiO2 slurry 
was milled by different techniques (roller milling and ball milling). The particle 
size and size distribution in the TiO2 slurries prepared by roller milling for 24 h 
(RM24), ball milling for 3 h (BM3) and ball milling for 3 h followed by roller mill-
ing for 24 h (BM3RM24), ball milling for 3 h followed by roller milling for 5 days 
(BM3RM5D) are given in Fig. 3b. The peak of size distribution curve shifted to 
lower diameter when the slurry was prepared by ball milling for three hours. The 
mean size of the agglomerates in the TiO2 slurry prepared by roller milling was 
determined to be 640 nm while that of the slurries prepared by ball milling for 3 h 
was found to be about 415 nm (Table 1). It can be inferred from the above results 
that ball milling was more effective in breaking down the agglomerates than roller 
milling. Moreover, there was no significant reduction in mean size of the agglomer-
ates when the slurries prepared by ball milling were milled again in the roller mill 
for 24 h and 5 days. But, the size distribution became narrower on further mill-
ing of the slurries obtained after ball milling (Fig. 3b). It is worth noting that ball 
milled slurries when subjected to roller milling over a longer duration contributed 
to continued reduction in coarser agglomerates while finer particles formed during 
ball milling reagglomerated, contributing to narrower size distribution.

Fig. 3  a TEM image of as-received Degussa P25 TiO2 powder, b particle size distribution of 
P25 slurries prepared by roller milling for 24 h (RM24), ball milling for 3 h (BM3), ball milling 
for 3 h followed by roller milling for 24 h (BM3RM24), ball milling for 3 h followed by roller 
milling for 5 days (BM3RM5D)
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1.4  I–V Characteristics of the DSSCs

Thickness of the TiO2 films made from all the above slurries was found to be very 
similar and it varied between 8 to 10 μm (Table 1). Figure 4 shows the I–V curves 
of all the DSSCs fabricated by using the TiO2 films made from the slurries pre-
pared by different milling techniques. It is very conspicuous from the photovoltaic 
properties of the above cells that there was no change in the open circuit voltage 
(Voc) of the cells while a remarkable enhancement in the photocurrent density (Jsc) 
was witnessed for the cells made from the slurries prepared by ball milling. About 
100 % increase in Jsc (from 3.1 to 6.3 mA/cm2) was observed for the cell that was 
made from the slurry prepared by ball milling for 3 h followed by roller milling 
for 5 days (BM3RM5D). The Jsc increased with reduction in the mean agglomer-
ate size and width of particle size distribution of TiO2 in the slurries.

It was initially believed that there might have been an increase in the surface 
area of the films on reduction in the size of agglomerates, which was achieved by 
ball milling the slurry. Surprisingly, the specific surface areas of the TiO2 pow-
der, as received and those obtained after heat treatment of the slurries prepared by 

Table 1  Mean particle size of TiO2 in the slurries prepared by roller milling and ball milling. 
Photovoltaic properties of DSSCs made from these slurries

Samples Mean particle size
(nm)

Thickness 
(μm)

Jsc
(mA/cm2)

Voc (mV) FF
(%)

H
(%)

RM24 642 8.8 3.1 680.1 58.8 1.2
BM3 415 9.8 4.8 680.1 48.5 1.6
BM3RM24 403 8.1 5.9 680.0 47.1 1.9
BM3RM5D 387 9.7 6.3 680.0 42.7 1.8

Fig. 4  I-V curves of the DSSCs made from slurries prepared by roller milling and ball mill-
ing (roller milling for 24 h; RM24, ball milling for 3 h; BM3, ball milling for 3 h followed by 
roller milling for 24 h; BM3RM24, ball milling for 3 h followed by roller milling for 5 days; 
BM3RM5D) a under illumination and b in dark
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roller milling and ball milling were found to be very similar (Table 1). This indi-
cates that the agglomerates in the P25 TiO2 powder are porous and the surfaces 
of the primary particles are exposed in the agglomerates. Therefore reduction in 
size of the agglomerates does not bring any significant change in the surface area.  
A similar internal surface area of the TiO2 films led to adsorption of an equivalent 
amount of N3 dye in all the films (Table 2). It was thus clear that increase in the 
current density of the cells on ball milling could not be due to surface area, dye 
loading.

1.5  Nanoindentation of Sintered Titania Photoanodes

Interestingly, there was a remarkable difference in the interparticle connectivity 
and adherence of the films to FTO for the films made from slurries prepared by 
roller milling and ball milling. About 80 % (by weight) of TiO2 was removed off 
the substrate by sonication of the film that was made from the slurry prepared 
by roller milling while there was only about 25 % loss during sonication for all 
the films made from slurries prepared by ball milling. Hence it is clear that the 
decrease in size of the agglomerates by ball milling improved the interparticle 
connectivity and the adherence of the film to FTO. The better interparticle con-
nectivity in the films made from slurries prepared by ball milling was also proved 
by the force versus displacement curves of the TiO2 films, obtained by nanoin-
dentation (Fig. 5). It is believed that as agglomerates are broken to finer sizes 
with ball milling TiO2 particles are packed better in the film. This was evident 
from smaller displacement of the nanoindenter at a given applied force on the 
films made from slurry prepared by ball milling than that of the films made from 
slurry prepared by roller milling. This result indicated that films made of smaller 
agglomerates (ball milling) are ‘harder’ and thus resist penetration of nanoin-
denter more effectively. In addition, the indents at the three different sites of the 
film made from ball milled slurry were found to give closely spaced force v/s 
displacement curves (Fig. 5), indicating a more uniform packing of the particles. 

Table 2  Surface area, dye loading in the films made from slurries prepared by roller milling for 
24 h(RM24), ball milling for 3 h (BM3), ball milling for 3 h followed by roller milling for 24 h 
(BM3RM24), ball milling for 3 h followed by roller milling for 5 days (BM3RM5D) and  % 
TiO2 loss during sonication of these films

Samples Specific Surface 
area(m2/g)

Thickness
(μm)

Dye loading 
(moles/cm2)

% loss of TiO2 
after sonication of 
the films

RM24 43.3 8.8 7.7 × 10−8 80
BM3 44.1 9.8 6.7 × 10−8 25
BM3RM24 43.3 8.1 6.0 × 10−8 27
BM3RM5D 42.8 9.7 6.2 × 10−8 28



238 S. B. Patil et al.

On the other hand the three indents done at three different sites on the film made 
from roller milled slurry were not so closely spaced and were found to result in 
different depth of penetration at the same load. This might be due to more irreg-
ular packing of the particles in the films made from slurry prepared by roller 
milling.

1.6  Impact of Milling Technique on Microstructure of Titania 
Photoanode

The FESEM micrographs of the surface of the films prepared from slurries—
RM24 and BM3RM24, when processed by image analysis software (Fig. 6) show 
that the film made from the slurries prepared by either roller milling or ball milling 
are predominantly mesoporous. While both the films showed a range of pore sizes, 
the film made from slurry prepared by ball milling (BM3RM24) had a narrower 
pore size distribution and greater uniformity over the film area. It was interesting 
to note that the cumulative pore volume over the pore size range 1.7–300 nm in 
films prepared from BM3RM24 slurry was more (0.6 cm3/g) than that for films 
prepared with RM24 slurry (0.5 cm3/g) which could be correlated to the higher 
area fraction of pores on film surface as determined by image analysis of the 
FESEM micrographs (Fig. 6). The area fraction of the pores (marked red in Fig. 6) 
on the surface of the films prepared with BM3RM24 and RM24 slurries were 
found to be 33.3 and 18 % respectively. Despite the apparently greater volume of 
pores in films made from slurries prepared by ball milling the small pores might 
have reduced the electrolyte permeability and hence increased the series resistance 
of the cell.

Fig. 5  Force and 
displacement curves 
obtained from indenting 
at three different sites on 
each of the films made from 
slurries prepared by roller 
milling (RM24) and ball 
milling followed by roller 
milling (BM3RM24) by a 
nanoindenter
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2  Effect of Sintering Temperature and time

2.1  Fabrication and Characterization of DSSCs with Titania 
Photoanodes Sintered at Different Temperatures

Required amount of the as-received Degussa P25 TiO2 powder (6 vol. %) was milled 
on a roller mill for 24 h in ethanol containing 1 ml of PEG 600 per 1 g of TiO2 powder. 
The doctor bladed TiO2 films were dried overnight at 40 °C before subjecting them to 
different sintering profiles. For lower temperature-longer time (450 °C, 550 °C, 650 °C 
for 60 min) sintering, the dried films were heated to the final temperature at a rate of 
3 °C per minute and soaked for 1 h followed by furnace cool to room temperature. For 
all higher temperature-shorter time sintering (700, 800 °C for 10 and 20 min), the films 
were first heat treated to burn out the PEG (450 °C for 1 h), followed by subjecting the 
samples to 700 and 800 °C treatment respectively in a preheated furnace with a dwell 
time of 10 and 20 min at each of the two temperatures. Following the dwell at 700 and 
800 °C respectively the samples were removed from the furnace and cooled in air. The 
sintered films were then dipped in 0.3 mM N3 dye solution for 24 h.

Fig. 6  Images obtained after processing the FESEM micrographs of the surface of the films 
made from slurry prepared by roller milling (RM24) a, c and ball milling followed by roller mill-
ing (BM3RM24) b, d through the image analysis software



240 S. B. Patil et al.

Microstructure of the sintered films was seen with an FESEM. Differences in 
connectivity between the titania particles with sintering conditions were evalu-
ated through nanoindentation of sintered films at five different sites on each of the 
sintered films using a Berkovich tip (Hysitron turbo nanoindenter, USA). DSSCs 
were fabricated as described earlier in Sect. 1.1.

2.2  Nanoindentation of Titania Photoanodes

Microstructural examination could not reveal whether higher temperature shorter 
time treatments had any significant impact on interparticle connectivity. Also, it 
was difficult to measure differences in densification in any of the porous titania 
films which were typically 8–10 μm thick. Nanoindentation was used to charac-
terize the films to highlight the impact of different heat treatments which could 
then be correlated to measured electrical properties of the dye sensitized solar 
cells. The results of nanoindentation are shown in Fig. 7. It can be seen that the 
slope of the force v/s displacement curves for nanoindentation on samples dif-
fered, which was attributed to difference in interparticle connectivity. Films with 
better interparticle connectivity resisted penetration of the indenter more than the 
loosely interconnected particles and showed smaller depth of penetration at the 
same force. The TiO2 films sintered at 650 °C/60 min showed lower depth of pen-
etration than that of the films sintered at 450 °C/60 min for the same force applied. 
The best interparticle connectivity as seen in terms of lowest depth of penetration 
of the nanoindentor was seen for films sintered at 700 °C/10 min than films sin-
tered at 450 °C/60 min, 650 °C/60 min, 800 °C/10 min.

Greater depth of penetration of the nanoindenter into TiO2 film sintered at 
800 °C for 10 min than that of TiO2 film sintered at 700 °C for 10 min (Fig. 7) 

Fig. 7  Load-displacement 
plot for nanoindentation on 
TiO2 films sintered at 450, 
650 °C for 60 min and 700, 
800 °C for 10 min
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was possibly due to intra-agglomerate sintering that caused significant shrinkage 
leading to creation of separation between agglomerates. The titania powder used 
here for making the doctor bladed films (Degussa P 25, Crystallite size 25 nm) 
is known to be produced by flame pyrolysis and thus contains agglomerates that 
are not broken down easily to individual crystallites or even clusters of a few 
crystallites.

2.3  Electrical and Electrochemical Characterization  
of DSSCs

DSSCs prepared with sintered titania films except for the ones sintered at 800 °C 
for 10 and 20 min showed expected I–V curve at all temperatures. The film sin-
tered at 800 °C experienced intragglomerate shrinkage as suggested by reduced 
specific surface area (11.9 m2/g) and nanoindentation. Thus, the dye loading in the 
800 °C sintered samples was low leading to significantly low Jsc, Voc and fill fac-
tor, deviating from the typical behavior of a DSSC (Table 3). The values of short 
circuit current density (Jsc) and open circuit voltage (Voc) varied with sintering 
temperature and time, as shown in Table 3. Jsc increased slightly for films sintered 
at 550 °C for 60 min (6.5 mA/cm2) over that of film sintered at 450 °C for 60 min 
(6.1 mA/cm2) while Jsc decreased for film sintered at 650 °C for 60 min (Table 3). 
Highest Jsc (7.2 mA/cm2) was observed for cells prepared with films sintered 
at 700 °C for shorter time (10 min) while sintering at 700 °C for longer time 
(20 min) showed Jsc lower than that of sintering at 450 °C for 60 min (Table 3). 
Lower Jsc for films sintered at 650 °C/60 min, 700 °C/20 min and 800 °C/10 and 
20 min was due to lower dye loading which was attributed to reduced TiO2 sur-
face area. The dye loading was found to be similar (Table 3) for films sintered 
at 450 and 550 °C for 60 min and 700 °C for 10 min although there was a slight 

Table 3  DSSC cell performance characteristics for cells prepared with titania films sintered at 
different sintering schedules

Sintering  
schedule  
(Dwell time  
in min at  
peak temp)

Jsc 
(mA cm−2)

Voc 
(mV)

FF
(%)

Phtovoltaic 
conversion 
efficiency
(%)

Dye  
loading
(moles/
cm−2)

Pt/
Electrolyte 
resistance
(Ohm cm2)

TiO2/
Electrolyte 
resistance
(Ohm cm2)

450 °C/60 min 6.1 740.2 62.0 2.8 5.9 × 10−8 7.1 8.0
550 °C/60 min 6.5 751.4 59.4 2.9 5.5 × 10−8 10.5 9.8
650 °C/60 min 4.8 784.4 63.7 2.4 3.7 × 10−8 8.9 11.3
700 °C/10 min 7.2 745.6 62.3 3.2 5.9 × 10−8 13.4 13.2
700 °C/20 min 3.8 684.8 65.3 1.7 3.2 × 10−8 13.9 13.7
800 °C/10 min 1.1 43.1 – – 2.9 × 10−8 15.9 15.0
800 °C/20 min 0.3 4.9 – – 1.4 × 10−8 – –
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reduction in surface area, from 44 m2/g for 450 °C to 36 and 40 m2/g for 550 °C 
and 700 °C respectively.

Since cells with films sintered at higher temperatures that showed higher Jsc 
(550 °C/60 min and 700 °C/10 min) had same amount of dye, the increment in 
Jsc was suspected to be due to better light harvest by improved scattering or faster 
electron transport through the film. However, UV–Vis transmission spectra of 
the dye-loaded films showed that light harvest remained same for all these films. 
Therefore, increase in Jsc was attributed to faster electron transport achieved by 
improved interparticle connectivity in the films sintered at higher temperature 
(550 °C/60 min and 700 °C/10 min).

3  Coprecipitated Nanocrystalline Yttria Stabilized  
Zirconia Nanopowders

Coprecipitation has been among the most popular wet chemical routes to syn-
thesize nanocrystalline zirconia as it can be scaled up using low cost accessories 
(Kaliszewski and Heuer 1990; Wang and Zhai 2006; Furlani et al. 2009). But a 
major disadvantage of the aqueous coprecipitation route is associated with the step 
of driving away water to dry coprecipitated mass (Lauci 1997; Shi et al. 1991; 
Srdic and Radonjic 1997). During drying of the precipitate particles are driven 
to agglomeration and the follow up step of high temperature crystallization treat-
ment (calcination) leads to further enhancement and strengthening of agglomer-
ates (Kaliszewski and Heuer 1990; Readey et al. 1990). The high surface tension 
of water (73 mN/m) causes zirconium hydroxide nanoparticles to approach closer 
eventually resulting into hard agglomerates during later stages of processing. One 
of the ways which has been adopted commonly to minimize agglomeration is to 
wash the zirconium hydroxide precipitate with ethanol (Shi et al. 1994; Sagel-
Ransijn et al. 1996; Wang et al. 2006). Ethanol replaces water and owing to its low 
surface tension (24 mN/m) minimizes agglomeration of particles. Particles are not 
forced together during drying and the hydroxyl bridging as seen in water washed 
powder is avoided and hence lower degree of agglomeration (Kaliszewski and 
Heuer 1990; Mercera et al. 1992).

3.1  Nano YSZ Synthesis by Coprecipitation and Powder 
Characterization

Three mole % yttria stabilized zirconia was synthesized by reverse-strike copre-
cipitation method followed by drying and calcination of the coprecipitated mass 
at 900 °C. Zirconium oxychloride solution (0.5 M) was prepared in deionized 
water and yttrium nitrate solution was prepared by adding Y2O3 in stirred mixture 
of deionized water and nitric acid (1:2 ratio). The precursor solution containing 
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zirconium and yttrium was added drop wise into ammonia solution while con-
tinuously stirring it ensuring the pH remained above 11 till addition of precursor 
solution to ammonia was complete. The precipitate was allowed to sediment over-
night (~12 h) and then filtered for removal of excess ammonia. The precipitate was 
washed with distilled water by addition of measured quantity of water and stirring 
for 30 min. The washing was continued until Cl− ion was completely removed 
from the precipitate.

Water washed precipitate was divided into several parts. One part of the water 
washed precipitate was taken as it is and the crystalline powder obtained on its 
calcination is referred to as water washed powder. Other six parts of the precipi-
tate were washed with different amounts of ethanol. Quantity of ethanol used for 
washing the precipitate was expressed as a ratio with respect to the residual water 
present in the precipitate (93 wt %). Ethanol amount used for washing the pre-
cipitate was in following ratios 1:1, 1:2, 1:2.5, 1:3, 1:4 and 1:5 (residual water 
: ethanol amount). The 1:2.5 (residual water in precipitate to ethanol ratio) was 
included in the experimental plan after early experiments indicated that the critical 
water to ethanol ratio lay between 1:2 to 1:3. The precipitate was washed with the 
respective ethanol amounts over two cycles followed by drying at 100 °C for 12 h. 
The dried precipitate was calcined at 900 °C for each of the powders washed with 
different ethanol amounts. Water and ethanol washed powders refer to crystal-
line YSZ powder obtained by calcination of water and ethanol washed precipitate 
respectively. The powders were compacted at 200 MPa in a hardened steel die of 
6 mm diameter (internal cavity). Stearic acid was used as a die lubricant to mini-
mize powder-die frictional forces during powder compaction. The compacted sam-
ples were subjected to nanointendation (Hysitron Inc, USA, TriboIntender TI900) 
up to peak load of 3000 μN at loading rate of 300 μN.s−1 to characterize particle 
packing in green compacts. For each of the samples, indentation was made at three 
different regions.

3.2  Influence of Ethanol Amount on Deagglomeration of 
3YSZ Powders

From the FESEM of water washed and ethanol washed powders (Fig. 8) dif-
ferences, if any, in extent of deagglomeration cannot be perceived. All powders 
appear to be similar in terms of deagglomeration. In order to understand any pos-
sible differences between the different powder compacts (water washed, ethanol 
washed) the corresponding compacts were subjected to nanoindentation. It was 
expected that penetration of nanoindentor into the compacts for the same applied 
load may differ owing to differences in particle packing (Raichman et al. 2006). 
Figure 9 shows the load–displacement curves (three on each sample) for nanoin-
dentation carried out on green compacts produced from water washed and etha-
nol washed powders. Nanoindentation behavior appeared to be similar for all 
ethanol washed powder compacts (Fig. 9) while it was significantly different for 
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compacts produced from water washed powders. The water washed powder com-
pacts allowed greater penetration of the nanoindentor for the same applied load 
indicating a low ‘apparent’ hardness of the green compact. Ethanol washed pow-
ders packed better seeming to be ‘harder’ than the water washed powders which 
apparently had poorer packing owing to poorer particle deagglomeration or pres-
ence of agglomerates. Again, microscopy of green powder compacts (Fig. 10) did 
not allow distinction to be made between particle packing in compacts prepared 
from water and ethanol washed powders.

The differences in particle packing as examined by nanoindentation also affected 
sintered density in expected manner. It was seen that the water washed samples 

Fig. 8  FE-SEM images of 3YSZ powders obtained by washing the yttrium-zirconium hydroxide 
precipitate with a water and ethanol washing in water to ethanol amount ratio of b 1:1 c 1:2 d 
1:2.5 e 1:3, calcined at 900 °C
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reached a sintered density of 88 % owing to poorer packing and presence of agglom-
erates while samples made from 1:2.5 ethanol wash reached a sintered density of 
96 % of theoretical density.

3.3  Effect of Calcination Temperature on Deagglomeration 
for Ethanol Washed Powders

Synthesis of 3 mol % yttria stabilized zirconia was carried out by reverse-strike 
coprecipitation method as described in Sect. 2.1 earlier followed by drying and 
calcination of the coprecipitated mass at various temperatures between 470 °C, the 

Fig. 9  Load-displacement for nanoindentation on green compacts prepared with powders 
produced from precipitate washed with water and different amounts of ethanol and calcined at 
900 °C. ww (1:0E)water washed powder, water of precipitate to ethanol amount ratio 1:1, 1:2, 
1:2.5 and 1:3. Three indentations were carried out at randomly selected region of the samples 
after Patil et al. (2012)

Fig. 10  SEM images of fracture surface of green compacts obtained by compaction (200 MPa) 
of powders calcined at 900 °C: a water washed powder and ethanol washed powder, b 1:1 water 
to ethanol ratio, c 1:2.5 water to ethanol ratio
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minimum temperature needed for crystallization to 900 °C and soaking time of 
120 min was maintained for each of the calcination temperature.

Again as observed earlier direct observations of powders calcined at different 
temperatures (Fig. 11) did not allow distinction between powders with higher or 
lower degree of particle agglomeration. To assess differences between the pow-
ders, the corresponding green compacts were subjected to nanoindentation. The 
load–displacement curves (three on each sample) for nanoindentation on green 
compacts prepared from powders calcined at different temperatures are shown 
in Fig. 12. Representative images of cavities created by nanoindentation of 
green compacts are shown in Fig. 13. It can be seen that the nanoindentor pen-
etration in compacts of ethanol washed powders calcined at lower temperature 
(470 and 600 °C) was limited to lower range (500–600 nm) while the compacts 

Fig. 11  TEM micrographs of ethanol washed powders calcined at different temperature; 470 °C 
(a); 600 °C (b); 700 °C (c); 800 °C (d) and 900 °C (e)
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prepared from powders calcined at 800 and 900 °C allowed deeper penetration 
(700–900 nm max.) for the same load. Powders calcined at lower temperature 
have much smaller primary particles (crystallites) which have a greater tendency 
to agglomerate than the powders calcined at higher temperatures which have 
coarser primary particles (crystallites). During nanoindentation of compacts pro-
duced with powders calcined at low temperature the indenter would have to break 
or crush the agglomerates in order to penetrate the sample resulting in greater 
increase in load with penetration. In compacts with powders calcined at higher 
temperature the nanoindenter would cause separation of weakly agglomerated 

Fig. 12  Load-displacement curves for nanoindentation on green compacts made from powders 
calcined at different temperatures and compacted uniaxially at 200 MPa. For each sample 
nanoindentation was carried out at three different widely separated randomly chosen regions 
after (Patil and Bhargava 2012)

Fig. 13  SEM images of green compacts showing impression of nanoindentation penetration for 
powders prepared with ethanol (1:2.5 water to ethanol amount ratio) washed Y-Zr precipitate and 
calcined at a 470 °C b 600 °C
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coarser powder and thus experience lower increase in load in the initial stages of 
nanoindentor penetration (See inset schematic in Fig. 12).

The above hypothesis was supported by sintering behavior of compacts pre-
pared and sintered under identical conditions. Powders with weakly agglomerated 
particles (higher calcination temperature) usually pack better during compac-
tion and thus are expected to sinter to higher density. Powders with agglom-
erated particles (low calcination temperature) do not pack well and densify 
poorly during sintering. The sintered density of these samples was measured by 
Archimedes principle. The powders that were calcined at 800 and 900 °C showed 
highest sintered density of 94 % of theoretical density. The powders calcined at 
470 °C showed lowest sintered density of about 88 % TD. For powders calcined 
at intermediate temperatures the sintered density lay in between that of 470 and 
800/900 °C. These observations confirm that obtaining highly densified bodies 
with fine grained microstructure requires use of powders with weakly agglomer-
ated particles rather than just finer particle size.

4  Concluding Remarks

Nanoindentation served as an effective tool to evaluate particle packing and inter-
particle connectivity in green and sintered powder compacts. It thus became a 
means to indirectly evaluate the degree of agglomeration/deagglomeration of 
powder particles which directly affects particle packing/connectivity. Reduction 
in size of the TiO2 agglomerates, achieved by centrifugal ball milling, enhanced 
the Jsc in the DSSC cells because of better interparticle connectivity and better 
adherence of TiO2 to the substrate. Nanoindentation curves confirmed existence of 
improved connectivity between particles in titania films (DSSC photoanodes) pro-
duced from slurries with narrower particle size distribution achieved by centrifu-
gal ball milling or a combination of centrifugal ball milling and roll milling. Also, 
nanoindentation confirmed enhanced connectivity in terms of greater resistance to 
nanoindentor penetration for films sintered at higher temperatures (650 °C/60 min, 
700 °C/10 and 20 min).

The impact of solvent washing and calcination temperature on deagglomera-
tion in nano YSZ powders was clearly distinguishable through nanoindentation of 
green compacts. Green compacts produced from ethanol washed powders when 
subjected to nanoindentation were found to be “harder” than compacts produced 
from water washed powders due to superior particle packing. This was also was 
also evident from the SEM observations of the green compacts. The compacts 
from the same powders thus sintered to higher density. Calcination temperature 
had a significant impact on the state of agglomeration of the 3YSZ nanopowders 
as produced by coprecipitation. The powders calcined at lower temperature with 
higher degree of agglomeration offered greater resistance to penetration to the 
nanoindentor while powders calcined at higher temperature with low agglomera-
tion allowed easier penetration of nanoindentor as seen from gradual rise in load 
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with nanoindentor penetration. Inferences from nanoindentation correlated well 
with green density and sintered density values. Powders calcined at lower tem-
peratures with higher degree of agglomeration showed lower green and sintered 
densities.
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Abstract The aim of this work is to find optimal fillers for nano-layered foils of 
Ti/Al, Ti/Ni, Ni/Al, Al/Cu for diffusion joining of hard-weldable γ-TiAl alloy by 
means of nanoindentation test. Nano-layered foils have the non-equilibrium state 
of structure and are prone to the development of self-propagating high-tempera-
ture synthesis reaction during heating. Reaction propagates extremely fast and can 
be characterized by exothermal effect with a transformation of material structure 
and with a change in micro/nano mechanical properties.

1  Introduction

Titanium aluminide alloys are advanced heat resistant materials and classified 
as hard-weldable alloys. The interest to these alloys is due to the possibility of 
their use in the aerospace industry as an alternative to titanium and nickel “super 
alloys”. Objective of this work is to search optimal filler of nano-layered foils 
of Ti/Al, Ti/Ni, Ni/Al, Al/Cu for diffusion joining of γ-TiAl by investigating the 
results of nanoindentation test and microstructure analysis by optical and scanning 
electron microscopy (SEM).

1.1  Titanium Aluminide Alloys

Mono-titanium aluminide γ-TiAl have an ordered face-centered tetragonal lattice, 
which persists up to 1,440 °C. It displays high resistant to oxidation and did not 
burn until 900 °C, which distinguishes γ-TiAl from titanium alloys (Khokhlova 
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and Khokhlov 2008). Microhardness of the alloy is 3,000–4,000 MPa. Young 
modulus of elasticity of γ-TiAl is 160–175 GPa at room temperature, which is 
higher than for titanium alloys, but lower than for nickel.

However, commercial use of γ-TiAl is limited due it’s brittleness and low plas-
ticity at room temperature (δ = 0.2–0.5 %). Processing of titanium aluminide is 
complicated due to the high resistance to the material deformation.

After reports about rising of plasticity in two-phase titanium aluminide, these 
alloys have become the object of research. Maximum low-temperature plas-
ticity of these alloys is a result of formation of fine-grained duplex structure 
(α2-Ti3Al + γ-TiAl) + γ-TiAl, and maximum resistance to creep at elevated 
temperatures and low temperature toughness provided by the formation of a fully 
lamella structure (Fig. 1a) of γ-TiAl and α2-Ti2Al phases. This is large (60–
120 μm) homogeneous slots of defined orientation (Fig. 1b). The lamella structure 
includes disperse dark phases with high content of niobium, which were uniformly 
distributed in volume.

Fig. 1  Microstructure of 
γ-TiAl alloy (a) with lamellar 
crystals (b)
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The alloys for practical interest are γ-TiAl alloys with (45–49) at. % Al to which 
Cr, Nb, Hf, Ta, Zr, W, V, Mn are being added. The increase of the low-temperature 
plasticity is the results of alloying by Mn, Cr, V, which reduces aluminium content by 
replacing it’s atoms in γ-TiAl lattice. Modern TiAl alloys usually contain one element 
that increases elasticity, and one which increases heat and oxidation resistances such 
as Ti - (47–50) at. %, Al - (l–3) at. %, V, Cr, Mn - (2 − 4) at. %, Nb, Ta, Mo, W.

2  Experimental

2.1  Nano-layered Foil as Welding Filler

Thin nanostructured foils (Fig. 2a) from multilayer compositions of various metals 
(Ti/Al, Ni/Al, Cu/Al, etc.) have been used as welding fillers for solid-phase joining 
of intermetallic alloys as γ-TiAl.

Fig. 2  Nano-layered Ti/Al 
foil (a) and layers in foils (b) 
at velocity of consolidation 
10 rpm (SEM)
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Their manufacturing is based on the process of layer-by-layer consolida-
tion of elements from the vapour phase using electron beam vacuum technology 
(Khokhlova and Khokhlov 2009). The deposition technology enables to adjust the 
process of a layered structure formation in a broad range of thicknesses of indi-
vidual layers 70–150 nm (Fig. 2b).

Such materials have the non-equilibrium state of structure (Khokhlova et al. 
2009a). The nanostructured foils are prone to the development of self-propagating 
high-temperature synthesis reaction (SPHTS) of it’s intermetallic compounds at 
heating. Reaction is rapid (Fig. 3) and characterized by exothermal effect with trans-
formation of material’s structure and micromechanical properties.

The necessary condition for joining of materials due to activation of diffusion 
processes in solid state is a stable running of SPHTS reaction. This requires appli-
cation of multilayer foils of more than 30 μm thickness (Khokhlova et al. 2009b).

Figure 4a shows an image of the microstructure of cross-sectional samples of 
foils directly after deposition. It is seen that in the initial state foils have alter-
nate layers of dark and light contrast. Since etching of samples took place in the 
electrolyte, which primarily reacts with aluminum, therefore, the light and dark 
layers are, respectively, the layers of titanium and aluminum. Figure 4b, c shows 
microstructure of foils after SPHTS reaction. The structure of the reaction product 
is characterized by heterogeneity, possibly due to the undulating nature of fusion 
reaction spreading along the foil.

Visualization of SPHTS reaction in volume was modeled by ChemSite 3.01 
program (Fig. 5). The selected time of heating was up to 600 °C is 14 ps. The 
dynamics of Al and Ti atoms in layers, which consist of 3 periods of the crystal 
lattice, is similar to SPHTS reaction.

It is obvious that the character of structural formation in foils during the 
SPHTS reaction was not dependent of Ti and Al layers thicknesses. Localization 
of the reaction and it’s undulating passage can cause the additional mass transfer 
after wave of reaction. Moreover, it contributes to the formation of heterogeneous 
structure.

Fig. 3  Velocity of SPHTS reaction in Ti/Al is 5–10 m/sec
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Fig. 4  Microstructure of 
nano-layered Ti–Al foil 
before (a) and after SPHTS 
reaction (b, c) (SEM)
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2.2  Diffusion Microwelding

Diffusion microwelding of four 6 mm thick plates of Ti-48Al-2Nb-2Mn at. % 
(γ-TiAl) alloy was accomplished in the free state in a vacuum chamber. Thin 
foils (15–25 μm) of Ti/Al, Ti/Ni, Ni/Al, Al/Cu with nano-layered structure were 
obtained by electron-beam technology of consolidation of elements from the 
vapour phase and were used as fillers. Foils were placed between plates, pressed, 
heated and withstood at a temperature for a certain time. Electron-beam heater 
was used as a source of heat. Welding temperature was T = 1,200 °C, welding 
time was τ = 20 min, pressure was P = 45 MPa and working vacuum in a cham-
ber was B = 1.33 × 10−3 MPa.

Samples were grinded in a standard way; polished in acid-chlorine electrolyte 
of 1,000 ml of glacial acetic acid, 70 ml HClO4, and chemically etched in an aque-
ous solution of 2 %HNO3 + 2 %HF.

3  Results and Discussion

3.1  Micro/nano Hardness of Welded Joint

Micro/nano hardness tests were performed by using of Vickers and Berkovich 
indenters (Fig. 6) at 0.002 and 0.0001 N of loading on indenter (Khokhlova et al. 
2012; Povarova 2004; Ustinov 2008; Ustinov et al. 2008a, b).

Metallographic investigation of the transition zone of welded joint of Ti-48Al-
2Nb-2Mn at. % with nano-layered foil of Ti/Ni showed a continuous layer of het-
erogeneous structure (20–50 μm of thickness) (Fig. 7). Central region of layer 
with thickness of 3–4 μm corresponds to intermetallic compound of TiNi, alloyed 
with manganese. Peripheral part of layer contains triple compound of AlTiNi, 
alloyed with niobium and manganese. The hardness of the layer was approxi-
mately between 9000–10400 MPa.

Welding of Ti-48Al-2Nb-2Mn at. % alloy with micro-layered foil of Ni/Al 
forms joint (Fig. 8b) with high hardness up to 600 GPa on the border with base 
material as a result of SPHTS reaction. In the center of intermediate foil, hard-
ness is low (80–90 GPa) (Fig. 9) compared to the base metal (300−400 GPa). 

Fig. 5  Visualization (3d) of SPHTS reaction in Ti/Al
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The decrease in strength of welded joint is the cause of gradient in hardness that 
appears in nanoindentation curve (Fig. 8a).

Nano-layered foil Al/Cu of eutectic composition Al+33 %Cu with a total thick-
ness of 20–25 μm was used for diffusion welding of Ti-48Al-2Nb-2Mn at. % 

Fig. 6  Nanoindentation of 
base foil

Fig. 7  Indenter’s print 
in diffusion zone of joint 
through nanolayered Ti/Ni 
foil
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alloy. It was anticipated that the application of Al/Cu foil with eutectic compo-
sition will result in it’s complete dissolution at welding temperature. However, 
dissolving of the foil in the area of joint does not happen (Fig. 10). Microscopic 
research showed that the joint zone is a continuous layer with thickness between 
approximately 15–20 mm. The hardness is between approximately 390–420 GPa 
and remains practically at the level of base metal. Perhaps, the formation of layers 
with such composition makes welded joints unsuitable for use in high temperature 
environments.

Welding of Ti-48Al-2Nb-2Mn at. % alloy with micro-layered foil of Ti/Al 
(15–20 μm of thickness) forms joint with a solid solution, based on intermetallic 

Fig. 8  Diagrams of indentation (a) diffusion zone of joint through nano-layered Ni/Al foil (b)



259Nanoindentation of Micro Weld Formed Through Thin Nanolayered Filler

Fig. 9  Indenter’s print 
in diffusion zone of joint 
through nano-layered Ni/
Al foil

Fig. 10  Dissolving of Al/Cu 
foil in joint and prints of 
indenter in microwelding 
zone
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Fig. 11  Diagrams of indentation (a) of diffusion zone of joint through nano-layered Ti/Al foil (b)
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Ti3Al and alloyed with niobium and manganese. The formation of such homoge-
neous intermetallic layer in welded joint corresponds to the composition of base 
material of γ-TiAl.

The changes in the structure of the original metal in areas adjacent to the layer 
were observed, which were related to the γ-TiAl recrystallization processes dur-
ing diffusion welding. On indentation curves, it was seen that hardness of the joint 
area remains at the level of base metal (Fig. 11). The hardness of the layer was 
between approximately 350–420 GPa while hardness of base metal was approxi-
mately between 300–400 GPa.

Figure 12 shows the distribution of hardness in welding joints of Ti-48Al-
2Nb-2Mn at. % (γ-TiAl) alloy formed by using Ti/Al, Ti/Ni, Ni/Al, Al/Cu foils as 
fillers. The gradient of hardness contributes to the formation of residual stresses 
(Khokhlova and Khokhlov 2008, 2009) in welded joints resulting in negative 
influence on strength. Therefore, the best option is to use Ti/Al as filler due to 
uniformity in the indentation curves.

4  Concluding Remarks

Several different metallic joints were investigated with nanoindentation technique. 
Best results were obtained when Ti/Al nano-layered foil was used as filler for 
microwelding. A uniform intermetallic layer that forms in welded joint was similar 
in composition to the base material i.e., γ-TiAl. The hardness of the foil-filler after 
welding was similar to the hardness of the base material.

Fig. 12  Hardness 
distributions in welding joints
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Abstract In this chapter, we present an overview of an optimized method for the 
determination of surface elastic residual stress in thin ceramic coatings by instru-
mented sharp indentation. The methodology is based on nanoindentation testing 
on focused ion beam (FIB) milled micro-pillars. Finite element modeling (FEM) 
of strain relief after FIB milling of annular trenches demonstrates that full relax-
ation of pre-existing residual stress state occurs when the depth of the trench 
approaches the diameter of the remaining pillar. Under this assumption, the aver-
age residual stress present in the coating can be calculated by comparing two 
different sets of load-depth curves: the first one obtained at the center of stress-
relieved pillars, the second one on the undisturbed (residually stressed) surface. 
The influence of substrate’s stiffness and pillar’s edges on the indentation behavior 
can be taken into account by means of analytical simulations of the contact stress 
distributions. Finally, the effect of residual stress on fracture toughness and defor-
mation modes of a TiN PVD coating is analyzed and discussed here.

1  Introduction

Intrinsic (or residual) stresses (Korsunsky 2009; Withers and Bhadeshia 2001), 
resulting from manufacturing or processing steps, mostly define the performance 
and limit the lifetime of nanostructured materials (Dye et al. 2001), thin films 
(Bemporad et al. 2007, 2008; Bull 2005; Bull and Berasetegui 2006; Dye et al. 
2001; Espinosa et al. 2003; Fischer et al. 2005; Pauleau 2001; Roy and Lee 2007), 
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coatings and MEMS devices (Espinosa et al. 2003) and bulk metallic glasses 
(Wang et al. 2011). The importance of residual stress for micro-systems is rela-
tively more important than in case of conventional materials and structures, due 
to the size effects in crystal plasticity, fatigue and fracture behavior that have been 
recently observed for a wide range of materials.

It has been widely reported in the literature that residual stress can affect signif-
icantly the adhesion and fracture toughness of thin films for a variety of industrial 
applications, ranging from wear resistance coatings to thin films for Solid Oxide 
Fuel Cells (SOFC) and coatings for biomedical applications.

They can also affect load bearing capacity, elastic strain to failure and ductility 
of Bulk Metallic Glasses (BMGs), the reliability of micro-welds and other metal 
interconnects, crack propagation and charge carrier mobility in semiconductor 
BEoL systems with ultra-low-k (ULK) nano-porous films (Ye et al. 2006), and 
the resonant frequency and lifetime of micro/nano-electro-mechanical systems 
(MEMS/NEMS) (Bull 2005).

In the specific case of hard nanostructured coatings (Bemporad et al. 2007; 
Pauleau 2001; Teixeira 2002), strong compressive in-plane stresses is usually 
observed (both due to the growth process and from different thermal expan-
sion coefficients between coating and substrate (Bemporad et al. 2007), which 
often involve buckling of the coating or interfacial failure under in-service load 
conditions.

Notwithstanding these industrial requirements, the evaluation of the residual 
stress in (sub)micron layers is still an extremely challenging task from a metrology 
perspective, especially in the case of nano-crystalline, strongly textured, complex 
multiphase or amorphous materials and thin films.

For such reasons, the development of site-specific micro-scale evaluation tech-
niques of residual stress still represents a critical issue for design and characteriza-
tion of small scale systems.

However, the established techniques for micron-scale measurement of resid-
ual stress still have strong limitations, e.g. in terms of spatial resolution, lack of 
depth sensing, their applicability on non-crystalline materials or accessibility to 
industry.

Strong efforts are also needed in the sense of developing a portable and flexible 
semi-destructive method that would be applicable down to the microscopic scale, 
and would allow routine determination of residual stress with high spatial resolu-
tion (Bolshakov et al. 1996; Suresh and Giannakopoulos 1998; Tsui et al. 1996).

The aim of this work was to develop an effective and reproducible methodol-
ogy for the assessment of residual stress by the use of sharp nanoindentation test-
ing on a (sub)micron scale (Oliver and Pharr 1992, 2004).

A brief review of the currently available methods for residual stress analysis by 
nanoindentation is presented (Suresh and Giannakopoulos 1998), whose principle 
is depicted in Fig. 1.

It is shown that the available methods are affected by a major limitation, con-
sisting of the difficulty in determining the load–displacement curve for the stress-
free condition in case of thin films.
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To solve this issue, it is proposed to use a focused ion beam (FIB) to produced 
stress-free micro-pillars on the specimen’s surface (Fig. 2).

Fig. 1  Concept of residual 
stress analysis by sharp 
indentation. a a tensile 
residual stress induces a more 
pronounced sinking-in with 
respect to the contact profile 
corresponding to the stress-
free state; b a compressive 
stress induces a piling-up; c 
in both cases, a deviation of 
the load–displacement curve 
with respect to the stress-free 
state is observed, due to the 
modification of the contact 
area described by Eqs. (1–2)
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Recent publications by some of the authors (Korsunsky et al. 2009, 2010; 
Sebastiani et al. 2011; Song et al. 2012) showed that milling of annular trenches 
on a residually stressed surface gives full stress relaxation at specimen surface of 
the central stub for h/a > 1 (Fig. 1), thus allowing to obtain, for any kind of mate-
rial and coating, a local stress-free reference volume (Korsunsky et al. 2010).

This result was obtained by Finite Element Modeling (FEM) of surface relaxa-
tion strain distribution after ring-core milling (Korsunsky et al. 2010).

The indentation on the stress relieved pillars gives the reference load–displace-
ment data to be used for the application of the models and the evaluation of the 

Fig. 2  Principle of ring-core 
drilling, and the idealized 
geometry of the remaining 
“stub”
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pristine residual stress by comparison with the load–displacement data on the 
residually stressed material.

The proposed methodology has been applied and validated in this work on a 
3.8 μm CAE-PVD TiN coating on WC–Co substrate (see Fig. 3).

Most of the data reported in this book chapter were already presented in 
international conferences and published in the related conference proceedings 
(Sebastiani et al. 2010).

2  Models for the Analysis of Residual Stress by 
Instrumented Indentation and Effects on Fracture 
Behavior

Literature papers (Bemporad et al. 2008; Suresh and Giannakopoulos 1998; Tsui 
et al. 1996) have already demonstrated that the presence of a residual stress field at 
specimen surface can induce measurement inaccuracies in the conventional hard-
ness and elastic modulus analysis procedures by nanoindentation.

Indeed, the influence of applied stress on hardness and apparent modulus was 
firstly analyzed by Tsui, Bolshakov and Pharr (Bolshakov et al. 1996; Tsui et al. 
1996) by nanoindentation testing on 8009 Aluminum alloy and Finite Element 
Modeling.

These authors concluded that the observed influence of applied stress on 
measured hardness and modulus is actually due to changes in the real contact 
areas (measured by optical methods) as a function of the applied stress; in par-
ticular, higher compressive stress give higher real contact area, leading to an 

Fig. 3  Microstructure of the 
PVD TiN coating (columnar) 
on cemented carbide WC–Co 
substrate (Dye et al. 2001)
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overestimation of hardness and elastic modulus, as measured by the conventional 
Oliver-Pharr method(Oliver and Pharr 1992).

When the real contact areas are used for hardness and modulus calculation, 
they found that both the elastic modulus and hardness were independent of applied 
stress (Bolshakov et al. 1996; Tsui et al. 1996).

Therefore, sharp indentation testing can be used for the experimental evalu-
ation of the average residual stress state at specimen surface (Suresh and 
Giannakopoulos 1998).

Several methods still exist in the literature for the evaluation of residual stress 
and strain by sharp indentation testing, all mainly based on the comparison 
between the load-depth curve obtained on a residually stressed surface with the 
corresponding results on the stress-free (or virgin) reference material (Suresh and 
Giannakopoulos 1998).

Suresh and Giannakopoulos (Suresh and Giannakopoulos 1998) presented a 
general methodology for the determination of surface (equi-biaxial) elastic resid-
ual stress by instrumented sharp indentation testing, based on the original observa-
tions made by Pharr’s group (Bolshakov et al. 1996; Tsui et al. 1996).

This methodology (Suresh and Giannakopoulos 1998) is based on the main 
assumption that the average contact pressure due to indentation is unaffected by 
any preexisting elastic residual stress (invariance of indentation hardness).

A detailed explanation of why the real hardness cannot be affected by any 
biaxial residual stress is given in detail in the Suresh and Giannakopoulos paper 
(Suresh and Giannakopoulos 1998).

The concept of this method is depicted in Fig. 1. The principle is that a biaxial 
residual stress will involve a modification of the contact area during indentation, 
leading to either a more pronounced sinking-in (Fig. 1a) in case of tensile residual 
stress or a more a piling-up (Fig. 1b) in case of compressive residual stress, in 
comparison to the contact area corresponding the stress-free state.

The corresponding modifications of the load displacement curve in comparison 
to the stress-free state are reported in Fig. 1c.

Basing on this principle, a general relationship between the ratio of contact 
areas at a fixed depth between the stressed surface and the stress-free (virgin) ref-
erence material (or equivalently the ratio of penetration depths at a fixed load) was 
then given (Fischer et al. 2005):

where σres is the average biaxial residual stress (negative value if compressive), H0 
is the average contact pressure due to indentation (i.e. the hardness), (A0, h0) and 

(1)A

A0

=
(

1 +
σres

H0

)−1

(2)
h2

h2

0

=
(

1 −
σres

H0

)−1
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(A, h) are the real contact area and penetration depth for the stress free reference 
material and the stressed material, respectively.

The proposed methods were successfully applied (Suresh and Giannakopoulos 
1998) on artificially strained samples, where the reference curve for the stress-free 
material is easily measurable and external controlled stress states can be simply applied.

Nevertheless, strong limitations still exist when such methods are applied for 
the analysis of real residual stress states on polycrystalline materials and thin coat-
ings, essentially due to the fact that a reference load-depth curve for the unstressed 
material is often not available (or achievable after complex sample preparation 
procedures), especially in case of nanostructured materials and thin films.

In the methodology proposed here, the existing limits of the available methods 
for stress calculation from sharp indentation testing are overcome by introducing an 
original methodology for the local residual stress relieving over a stressed surface.

A complete relief of residual stress is induced by FIB milling of annular 
trenches at specimen surface, if the depth of the milled trenches are higher than 
their characteristic diameter (Korsunsky et al. 2010).

Nanoindentation testing over stress relieved stubs then gives the stress-free ref-
erence load-depth curve to be used for residual stress calculation by Eqs. (1) and 
(2) (Suresh and Giannakopoulos 1998).

The additional boundary conditions given by the presence of the edges of pil-
lar and by coating/substrate interface can also be considered during the stress 
calculation by analytical modeling of contact stresses, Film Doctor® software, as 
described in the next chapter.

In addition to this, nanoindentation testing over the stress relieved pillars also 
allows (1) a more proper evaluation of hardness and modulus of the coating by 
using the conventional Oliver-Pharr method and (2) to analyze the effects of residual 
stress on fracture toughness of the coating.

To evaluate this latter effect (Anstis et al. 1981; Toonder et al. 2002), nanoin-
dentation under load-controlled conditions is performed on pillar structures, up to 
a maximum load where a controlled fracture of the pillar can be induced.

Fracture toughness can be then evaluated by the measurement of the dissipated 
energy by brittle fracture through the coating during nanoindentation testing (Chen 
and Bull 2009; Toonder et al. 2002).

According to the model proposed by Toonder et al. (2002), a through thickness 
cracking during sharp instrumented indentation will cause a drop in the measured 
displacement, in case of load-controlled nanoindentation.

(1) Lower and (2) upper bounds for the dissipated energy Ufr can be obtained 
by direct measurement on the load-depth curve in correspondence of the failure, 
by assuming that material’s behavior is either (1) fully elastic or (2) fully plastic 
before and after cracking (Chen and Bull 2009).

Fracture toughness can be therefore evaluated by the following equation:

(3)KC =

[

Ef · Ufr
(

1 − ν2
)

· Acrack

]
1

2
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where Acrack is the actual surface of crack in the coating (Toonder et al. 2002), 
which is often measured directly by optical or SEM microscopy observations of 
the cracks.

Obviously, indentation on pillars gives the fracture toughness of the stress-free 
material.

Consequently, the actual toughness of the residually stressed coating can be 
evaluated by the following equation, which takes into account the influence of 
residual stress on fracture toughness:

where σR is the average surface residual stress, c is the radial dimension of the 
crack and Z is a crack-geometry parameter, which is equal to 1.26 when the radial 
dimension of the crack is equal to its depth.

3  Software Assisted Correction for Substrate/Edge Effects 
and Residual Stress Calculation by the Use of Analytical 
Modeling (Film Doctor®)

The models for residual stress analysis by indentation that were presented in the 
previous chapter are based on the geometrical boundary conditions of a homoge-
neous half-space being indented by an axisymmetric indenter.

Conversely, the experimental methodology that is being presented here consists 
of the indentation on micro-pillars realized on a coating-substrate system.

In order to assess the validity of those models in the present case, it is neces-
sary to take into account (1) the layered character of the system under examination 
and (2) the effect of edges (Jakes et al. 2009) in case of indentation on pillar struc-
ture; this means two additional boundary conditions that could affect the results of 
residual stress calculation.

A commercial software package FilmDoctor® (FilmDoctor® 2013; Schwarzer 
et al. 2001) was adopted for the analytical modeling of the experimentally meas-
ured unloading curves for the cases of (1) residually stressed coating and (2) stress 
relieved coating.

The adopted software evaluates the complete elastic stress field in the moment of 
beginning unloading by the use of an Extended Hertzian Theory (FilmDoctor® 2013; 
Schwarzer et al. 2001), and allows to consider the additional boundary conditions 
given by (1) substrate and edges and (2) to include the presence of residual stress.

The final procedure for residual stress analysis can be summarized as follows:

•	 Step-1: Determination of the correct coating Elastic modulus by analyzing the 
experimental unloading curves obtained on stress relieved pillar structures.

•	 Step-2: Determination of the true coating yield strength by analyzing the exper-
imental unloading curves obtained on stress relieved pillar structures, after 

(4)KC = K0

C + Z · σR · c1/2
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evaluation of the von Mises stress in the moment of beginning unloading from 
the unloading curve of the pillars.

•	 Step-3: Determination of the apparent coating yield strength by analyzing the 
unloading curves obtained on the stressed (undisturbed) coating, after evalu-
ation of the von Mises stress in the moment of beginning unloading from the 
unloading curve of the half space (no pillar). This gives apparent higher coat-
ing yield strength (in the case of compressive residual stress) because the high 
intrinsic stresses also explain higher hardness and thus, lower indentation depth 
at same load in comparison with pillar structure.

•	 Step-4: Determination of the intrinsic stress by fitting the biaxial stress to the 
true yield strength for same loading situation as given in step 3; evaluation of 
the von Mises stress in the moment of beginning unloading from the unloading 
curve of the half space but now with biaxial intrinsic stress taken into account. 
Fitting the biaxial stress to the true yield strength from step 2. In order to obtain 
a quantitative estimation of the effect of adopted corrections for edge and sub-
strate effects, residual stresses were also calculated by Eqs. (1–2) at several 
penetration depths, performing also a quantitative evaluation of the critical pen-
etration depth, below which the edge effects are not relevant anymore.

4  Experimental Details

The experimental activities were focused on a 3.8 μm TiN coating deposited 
on a WC–Co substrate by CAE-PVD using the following deposition parameters 
(also reported in (Bemporad et al. 2007)): pressure 1.5 Pa, deposition temperature 
450 °C, applied bias voltage 150 V, current 70 A. The coating and substrate micro-
structures are illustrated in Fig. 3.

Annular FIB milling was performed using FEI Helios Nanolab 600 DualBeam 
FIB/SEM equipment, using current of 48 pA at 30 kV and adopting outer-to-inner 
path of the ion beam to reduce re-deposition over the island surface. A series of 
regular cross sections was also realized before ring milling in proximity of the pil-
lar volume in order to minimize re-deposition over the pillar surface. The beam 
drift was also monitored during milling and correction applied as necessary.

Based on the FEM results reported in a previous work by some of the authors 
(Korsunsky et al. 2010), the maximum milling depth and the outer diameter of the 
island were fixed at 3.8 μm (equal to the coating thickness) to ensure that com-
plete strain relief was achieved.

A complete dimensional characterization of each produced pillar (surface diam-
eter, overall depth, lateral slope) was also performed by high resolution in situ 
SEM imaging.

Fifteen pillars were realized over a surface area of about 0.2 × 0.2 mm2.
Indentation testing was then performed on both pillar structures and undisturbed 

(residually stressed) surface by a Nano Indenter G200 (Agilent technologies), with a 
Berkovich indenter calibrated on certified fused silica reference sample.
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Indentations on pillar structures (ten tests) were performed in a continuous stiffness 
measurement (CSM) mode, under a constant strain rate of 0.05 s−1. A maximum pen-
etration depth of 200 nm was set for all tests, in order to avoid cracking of the stress 
relieved pillars during indentation and to minimize the edge and substrate effects.

The actual shapes of the residual indents were in all cases analyzed by SEM-FEG 
analysis. The real contact area in both cases of stress relieved pillars and undisturbed 
surface was also numerically estimated by image analysis on high resolution SEM 
micrographs; hardness and elastic modulus were consequently re-calculated.

Deformation mechanisms of the TiN coating under normal indentation were 
investigated as a function of the applied load by FIB-TEM techniques.

A lamella for TEM observation was also prepared by FIB technologies in cor-
respondence of a high load (5 N) Vickers indentation: microstructural observations 
were performed both by in situ SEM after FIB sectioning and by TEM-SAED 
analysis. In this latter case, the influence of substrate plastic deformation on the 
deformation mechanisms of the coating was also investigated.

As reported in the following of this paper, a strong tendency to brittle failure 
was observed in the stress relieved pillars, while no cracking was observed in the 
residually stressed coating even for relatively high applied load (up to 500 mN). 
This suggested that residual stress can play a crucial role in determining the crack-
ing behavior of the TiN coating under investigation.

Therefore, five more tests were performed on pillar structures under load con-
trolled conditions. A maximum applied load of 30 mN was set, in order to have 
radial cracking of the TiN coating without any further damaging of the Pillar.

Fracture toughness was analyzed by the Toonder bound model (Toonder et al. 
2002), which was briefly described in the previous chapter of this paper.

The average residual stress inside the coating was finally independently meas-
ured by a Dmax-RAPID Rigaku micro-diffractometer equipped with a cylindrical 
image plate (IP) detector and a collimator diameter of 300 μm, using Cu-Kα radi-
ation. Average residual stresses were calculated by the analysis of a single Debye 
ring via the conventional d versus sin2ψ plot (Gelfi et al. 2004). The depth of the 
X-ray gauge volume used in this case corresponded to the coating thickness.

5  Results

The summary of obtained results is reported in the Table 1. An SEM micrograph 
of some of the FIB-produced pillars is presented in Fig. 4a–b: it is worth noting 
that no surface modification are induced on the pillar surface by the FIB milling 
and that the actual shape of the pillar (dimensions, slope of the lateral walls) is 
essentially identical to the ideal one used for modeling and stress calculations (lat-
eral slope lower than 2°, Fig. 3c).

Figure 3d shows pillars with Berkovich indentation at their center, as indicated by 
arrows; the average off-center of indentation was of the order of 0.4 μm (which is in any 
case lower than the nominal positional accuracy of the nanoindenter, which is 1 μm).
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Table 1  Left column: apparent properties of the TiN coating under investigation as measured 
by conventional nanoindentation on the undisturbed surface and Right column: real properties 
(including residual stress and fracture toughness) after indentation testing on stress relieved pil-
lars and the application of the new proposed methodology

Apparent properties of the  
TiN coating as measured by 
conventional nanoindentation

Real properties as evaluated 
after nanoindentation testing 
on stress relieved pillars and 
modeling

E (GPa) 543.00 ± 23.35 500.17 ± 21.34

H (GPa) 31.88 ± 2.80 27.05 ± 2.80

σres (GPa) – −5.63 ± 0.85

KIC (mPa·m0.5) – 6.09 ≤ KC ≤ 7.46

KIC including σres (mPa·m0.5) – 19.54 ≤ KC(with stress) ≤ 20.91

Fig. 4  a Example of some of the realized pillar structures before indentation and b detail of one 
of the pillars; c FIB/SEM cross section observation of one of the pillar; d pillars after indentation 
(Berkovich indentation can be seen at pillar’s centers)
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The results for nanoindentation on the undisturbed (residually stressed) coating 
are presented in Fig. 5a, while a comparison between load-depth curves obtained 
on the stressed surface and on stress relieved pillars is then reported in Fig. 5b: 
this results clearly show that strong compressive residual stresses are present in 
the TiN coating under examination. Figure 5c also shows a good repeatability over 
nine different measurements on the pillar structures.

On the basis of nine repeated tests carried out in this study, the average value 
of residual stress in the coating, obtained with the stress calculation procedure 
reported in the previous chapter (substrate and edge effect on indentation behavior 
taken into account), was found to be equal to −5.63 ± 0.85 GPa, as also reported 

Fig. 5  a set of load 
displacement cures on the 
residually stressed TiN 
coating; b comparison 
between the load–
displacement curves obtained 
on the stressed surface and 
the stress relieved pillars; c 
full data set for indentation 
on pillars
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in Table 1 and highlighted by a dashed line in Fig. 6. The results for contact stress 
distribution obtained by film doctor are reported in the Fig. 7.

The obtained residual stress value is in good agreement with the estimate 
obtained by XRD analysis of −5.84 GPa (Korsunsky et al. 2010), although XRD 
data analysis contained a greater uncertainty due to the strong texture of the TiN 
coating.

Figure 6 also reports results of stress calculations by the conventional Suresh-
Giannakopoulos (S-G) model (Suresh and Giannakopoulos 1998) in comparison 
with the stress value obtained by FilmDoctor® analysis: it is evident that close 
agreement is found between the two methods when the stress calculation with the 
S-G model is performed for penetration depths lower than 120 nm, while for higher 
penetration depths some discrepancies between the two methods are found (at maxi-
mum penetration depth a value of −7.4 GPa is calculated by the S-G model).

This is most probably due to the influence of both the edges and the substrate 
(not considered in the S-G model) which involve an overestimation of the com-
pressive residual stress for a relative penetration depth higher than 1/30 of the 
pillar diameter, that can be assumed as the critical penetration depth (for this par-
ticular coating/substrate combination), below which the effects of edges and sub-
strate are not relevant anymore.

Figure 8(a–d) show the FEG-SEM micrographs of the indentation marks per-
formed on (a–b) undisturbed (residually stressed) coating and (c–d) stress relieved 
pillar: a strong difference between the actual indent morphology is clearly visible.

In particular, the occurrence of piling-up due to compressive stress (as observed 
in previous works (Bolshakov et al. 1996; Tsui et al. 1996) is evident for the resid-
ually stressed surface, as clearly visible in Fig. 8a and in the FIB cross-section of 
an indentation mark reported in Fig. 8e.

Fig. 6  Stress calculation by the Suresh-Giannakopoulos model (Suresh and Giannakopoulos 
1998) at different penetration depths (Eq. 2) and comparison (dashed line) with results obtained 
by FilmDoctor® (Schwarzer et al. 2001)
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Fig. 7  a Example of modeling by Filmdoctor® (Schwarzer et al. 2001): True Yield strength of 
coating material with Y = 27.461 GPa, b apparent higher yield strength of stressed coating with 
33.111 GPa and c true yield strength of stressed coating by taking the biaxial intrinsic stress of 
−5.6 GPa into account
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SEM-FEG analyses also allowed to do a quantitative evaluation of contact area 
and perform a re-evaluation of coating’s hardness and elastic modulus, which were 
significantly over-estimated (due to piling-up) when calculated by the conventional 
Oliver-Pharr method after nanoindentation on the undisturbed surface (see Table 1).

Fig. 8  SEM-FEG observation of produced indentation marks on (a–b) undisturbed (stressed) 
surface and (c–d) pillar structure; (e) FIB cross-section in correspondence of one indentation and 
(f) evidence of cracks during indentation on the stress-relieved pillars
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For the indentations reported in Fig. 8a–d, the measured contact areas were of 
8.98·103 nm3 for indentation on the virgin material (Fig. 8a) and 6.55·103 nm3 for 
the stress relieved pillar (Fig. 8d). When the actual contact area is known, residual 
stress can also be calculated from the Eq. (2). In this case, the value of −7.30 GPa 
was calculated, which is close to the average value of −7.4 GPa calculated by the 
Eq. (1) at maximum penetration depth (Fig. 6).

It is worth noting that after re-evaluation of contact areas by SEM observation, 
the hardness and elastic modulus measured on the undisturbed (stressed) surface 
were very similar to the ones obtained on the stress relieved pillars, thus confirm-
ing that hardness and elastic modulus are essentially independent of surface elastic 
residual stress (Suresh and Giannakopoulos 1998).

The FEG-SEM micrographs of the indentations performed on both pillar struc-
ture and stressed surface (details showed in Figs. 8b, d) clearly show that plastic 
deformation at the nano-scale essentially occurs by formation of nano-shear bands 
(average size 15 nm) inside the columnar grains with no reciprocal sliding of the 
grain boundaries, independently of the presence of residual stress.

On the other hand, a complete modification of the deformation mechanisms 
has been observed in case high load Vickers indentation testing: observing the 
FIB/SEM cross section analysis reported in Fig. 9.

In particular, TEM-SAED analysis confirmed that deformation mechanisms 
essentially consist of (1) grain boundary cracking and reciprocal sliding when 
deforming over the Cobalt matrix (Fig. 9b) and (2) complete grain deformation, 
recrystallization (see SAED pattern in Fig. 9c) and interface delamination over 
the (harder) WC-grains.

It is therefore clear that deformation mechanisms at high load are essentially 
driven by the mechanical properties of the substrate (Fig. 9a).

Conversely, strong influence of residual stress on the fracture behavior of the 
coating was observed.

Figure 10 shows one the indentations load-depth curves realized under load-
controlled conditions for fracture toughness analysis (Anstis et al. 1981; Chen and 
Bull 2009), and the observation of a broken pillar after testing.

The horizontal drop of the displacement during indentation indicates the com-
plete brittle failure of the coating.

Figure 10b also show that failure of the pillar essentially occurs by brittle 
failure into three identical segments, following the three-side geometry of the 
Berkovich indenter: this observation allows the estimation of the actual area of 
fracture to be used in Eq. (3) for fracture toughness calculation, which is (under 
the assumption of smooth surface, see Fig. 2b for symbols):

where k is a correcting factor (always ≥ 1) which takes into account that the frac-
ture surfaces are not smooth at all.

In this case, fracture surfaces appear to be very irregular, due to the fact that it 
propagates along the grain boundaries of the coating: it is therefore likely that the 
actual area of fracture is higher than the ideal one (k > 1 in Eq. (5)): an estimated 

(5)Afr = k · 3 ·
(a

2
· h

)
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value of k = 2 (which is likely in case of fracture propagation along a (100) direc-
tion) was therefore taken for toughness calculation.

Fracture toughness of the (stress relieved) TiN coating was then calculated by 
the use of the Toonder et al. bound model (Eq. (3), (Toonder et al. 2002)) as:

(5)6.09 ≤ KC ≤ 7.46

(

MPa · m
0.5

)

Fig. 9  a FIB/SEM observation of the cross section of a Vickers indentation mark (5 N) show-
ing severe plastic deformation of the Cobalt matrix in the substrate, b–c TEM observation of 
deformation mechanisms in different areas of the coating. In this case, deformation mechanisms 
essentially depend on the mechanical behavior of the substrate
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In addition, the influence of residual stress on fracture toughness was evaluated 
by the use of Eq. (4) (Anstis et al. 1981): in this case, the presence of a compres-
sive stress of −5.63 GPa leads to a fracture toughness (stress dependent) of the 
coating of:

This explains why no cracking under sharp indentation is usually observed on 
highly stressed hard PVD coatings, even under very high applied normal load.

A summary of mechanical characterization activities is reported in Table 1, 
where the effect of residual stress on the nano-mechanical characterization of the 
coating can be evaluated by the comparison between different results obtained on 
stress relieved pillars and undisturbed surface.

(6)19.54 ≤ KC(with stress) ≤ 20.91

(

MPa · m
0.5

)

Fig. 10  Measurement of 
fracture toughness by load-
controlled nanoindentation 
on pillars. a example of a 
load-depth curve showing the 
brittle failure of the pillar and 
b SEM observation of one of 
the broken pillars, revealing 
fracture morphology to 
be used for toughness 
calculation [34]
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6  Discussion

In this work, an optimized procedure for the analysis of residual stress effects on 
the nano-mechanical behavior of thin coatings is presented, based on the inte-
grated adoption of FIB milling and nanoindentation testing.

The methodology allows for the quantitative evaluation of the surface elastic 
residual stress on a micron scale, by using well-established experimental techniques 
that can be easily reproduced on FIB equipments (Bei et al. 2007; Uchic et al. 2004).

The application on a PVD TiN coating showed a good agreement between the 
new method and the estimation obtained by the conventional XRD sin2ψ method.

It is important to remind that only the in-plane average stress can be evaluated 
by this procedure: nonetheless, residual stresses are usually assumed as equi-biax-
ial in case of thin coatings (Chason et al. 2002; Davis 1993; Detor et al. 2009; 
Marks et al. 1996; Pao et al. 2007; Uchic et al. 2004; Windischmann 1987), so the 
proposed method can be a reliable way for stress analysis in this specific case.

At this point, some more considerations are necessary on the adopted assump-
tion during stress calculation. The adoption of Eqs. (1–2) is based on the assump-
tions that (1) the elastic behavior of the analyzed coating is homogeneous and 
isotropic and (2) that continuum mechanics is still valid at the considered scale.

An SEM micrograph of the TiN coating is reported in Fig. 3, where a strong 
columnar microstructure is evident: this indicates that some inaccuracies in stress 
calculation could arise as a consequence of a not proper estimation of the actual 
elastic anisotropy of the coating.

However, the observed deformation mechanisms at the nanoscale (Fig. 8) show 
that grain boundaries are not involved in the deformation mechanisms for penetra-
tion depths below 200 nm.

Therefore, the assumption of isotropic elastic behavior of the coating could be a 
reasonably choice, at least at the considered scale, where grain boundaries are not 
involved in the deformation mechanisms.

Anyway, the use of similar elastic constant and a similar probing volume guar-
antee the consistency between residual stress values measured by the XRD-sin2ψ 
and nanoindentation method.

It is also important to comment on standard deviation of the calculated residual 
stress, that was about 0.85 GPa: such variation of experimentally measured values 
is likely due also to a real variation of residual stress from point to point, prob-
ably due to the non-homogeneity of the WC–Co substrate (see Fig. 3). This effect 
is surely superimposed to the uncertainty of the method itself and further work is 
now ongoing on simpler systems in order to clarify this point.

Table 1 reports a comparison between the apparent properties as measured by 
conventional analysis of nanoindentation data obtained on the stressed surface 
and the actual properties (including residual stress and toughness) as measured by 
indentation on stress relieved pillars.

The obtained results on fracture toughness show that residual stress plays 
a significant role in determining the “in-service” toughness of the PVD coating 
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(including stress) applied to a specific substrate. As a consequence, toughness data 
without knowing the real residual stress of the specific sample cannot give afford-
able values to be used in different context, nor this information can be used in 
different systems (i.e. different substrate, even if with a coating obtained with the 
same deposition process and parameters).

On the other hand, indentation testing on stress relieved pillars also gives the 
“stress-free fracture toughness” of the coating (i.e. without the effect of residual 
stress) giving an unbiased value to better predict the in-service fracture behavior of 
the coatings when external forces (i.e. contact load) will be applied.

It is also worth noting that the application of the Toonder et al. (Toonder et al. 
2002) bound model revealed to be particularly effective when applied to the well 
confined geometry which characterizes the stress relieved pillars.

In fact, in case of indentation of pillars the geometry of the cracks is very well 
defined and can be evaluated by SEM observation after testing; a more accurate 
evaluation of fracture toughness can be therefore performed, in comparison with 
the conventional procedure (which requires radial chipping of the coating).

In addition, it is also important to remind that in case of strong compressive stress 
(e.g. the TiN coating under investigation), the measurement of fracture toughness 
by sharp indentation on the undisturbed surface is often not possible at all, simply 
because residual stresses inhibit any radial cracking, even at very high applied load.

The proposed methodology gives then a more complete framework of the effect 
of residual stress on the nano-mechanical and fracture behavior of thin coatings 
and can be a robust support for a more proper prediction of in-service mechanical 
behavior and failure modes.

7  Concluding Remarks

In this work, a new methodology for residual stress measurement in thin films 
and small scale systems is presented, based on nanoindentation testing on FIB-
produced pillars.

First results of stress measurement on a TiN hard coating reported in this paper 
are promising, and a good agreement was found with the estimation obtained by 
XRD sin2ψ analysis.

The new method gives a statistically reliable, robust and very site-specific eval-
uation of the surface residual stress field, giving also further information on the 
effect of residual stress on nano-mechanical behavior of hard coatings.

In fact, the proposed procedure also allows a more correct evaluation of other 
key-properties, such as hardness and modulus (which are usually affected by sig-
nificant measurement errors due to the presence of residual stress) and fracture 
toughness as a function of the residual stress state.
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Abstract Nanoindentation revealed a number of effects, like pop-in behavior 
or indentation size effects, that are very different from the classical mechanical 
behavior of bulk materials and that have therefore sparked a lot of research activi-
ties. In this contribution a multiscale approach is followed to understand the mech-
anisms behind this peculiar material behavior during nanoindentation. Atomistic 
simulations reveal the mechanisms of dislocation nucleation and multiplication 
during the very start of plastic deformation. From mesoscale dislocation density 
based models we gain advanced insight into how plastic zones develop and spread 
through materials with heterogeneous dislocation microstructures. Crystal plas-
ticity models on the macroscale, finally, are able to reproduce load-indentation 
curves and remaining imprint topologies in a way that is directly comparable to 
experimental results and, thus, allows for the determination of true material prop-
erties by inverse methods. The complex interplay of the deformation mechanisms 
occurring on different length scales is described and the necessity to introduce the 
knowledge about fundamental deformation mechanisms into models on higher 
length scales is highlighted.

1  Introduction

Nanoindentation has been one of the first methods to characterize material proper-
ties by nanomechanical testing. However, despite many years of experience it is 
still a challenge to correlate results of nanoindentation experiments to true material 
behavior. The reasons for this lie on the one hand side in the complicated triaxial 
and locally concentrated mechanical stress state underneath a nanoindenter, which 
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makes it difficult to compare the results for mechanical properties to uniaxial test-
ing methods. On the other hand side, the arising difficulties are also inherent to 
nanomechanical testing itself. Since only very small volumes are tested the hetero-
geneous microstructure of materials causes a large scatter in the results, depending 
for example on microstructural details like whether pre-existing dislocations are 
present in the tested volume or not, see for example recent work by Morris et al. 
(2011) or Lodes et al. (2011). This has been attributed as one kind of indentation 
size effect (ISE) by Shim et al. (2008). A more classical ISE is caused by the strain 
gradients arising from the inhomogeneous deformation during nanoindentation 
(Nix 1989). However, even this ISE reveals itself in different forms.

For sharp indenters, like Berkovich, cube corner or conical ones, ISE means 
that indentation hardness of metallic materials increases with decreasing depth of 
indentation; see for example (Nix 1989; Oliver and Pharr 1992; De Guzman et 
al. 1993; Stelmashenko et al. 1993; Ma and Clarke 1995; Atkinson 1995; Poole 
et al. 1996; McElhaney et al. 1998; Suresh et al. 1999, Zagrebelny et al. 1999). 
In contrast, for blunt indenters, like spherical indenters, at a fixed ratio of contact 
radius versus indenter radius the indentation hardness increases with decreasing 
indenter radius, see for example (Tymiak et al. 2001; Swadener et al. 2002). Of 
course, size effects are not only experienced in indentation experiments, but also 
observed in micro-torsion of thin copper wires (Fleck et al. 1994), micro-bending 
of micron thick nickel foils (Stölken and Evans 1998; Shrotriya et al. 2003), and 
in aluminum, reinforced by micron-size silicon carbide particles (Lloyd 1994). 
Since the pioneering work by Uchic et al. (2004), research in nanomechanics has 
become more divers and mechanical testing of nanopillars in compression, nanow-
ires in tension, beams in bending, etc. has attracted a lot of attention. Since, how-
ever, the main focus of this contribution is on nanoindentation, only a rather recent 
overview article by Kraft et al. (2010) shall be referenced here to cover this topic.

The main aim of nanomechanical testing is to gain information on local mate-
rial properties, as well as on fundamental deformation mechanisms. From the 
diversity of size effects described in the literature it is clear that many different 
mechanisms must occur on different length scales and that hence a proper under-
standing of nanoindentation and ISEs must integrate experimentation and mode-
ling over those length scales as well. This multiscale nature of nanoindentation is 
highlighted in the present contribution where modeling methods from atomistics, 
over dislocation density based mesomodels, to continuum mechanical approaches 
are applied to unveil the hitherto unknown interplay of mechanical loading and 
material response over the length scales, see Fig. 1. Throughout this work results 
of numerical modeling are compared to experimental data from the literature on 
different scales, to highlight the possibilities of realistic material descriptions with 
advanced simulation methods, but also to point out their current limitations and 
shortcomings. It will be demonstrated that only by a proper combination of mode-
ling and experiment a profound physical understanding of the deformation mecha-
nisms occurring during nanoindentation can be achieved. Furthermore, it is shown 
that this combination of experiment and simulation allows us to derive true mate-
rial properties from nanoindentation.
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2  Atomistic Aspects of Nanoindentation

Simulation methods on the atomic scale such as molecular dynamics (MD) are well-
established tools to investigate the deformation processes in crystalline materials. In 
these simulations, an interatomic potential defines the interaction between atoms and 
thus the material properties. As a consequence, MD simulations do not require any 
assumptions to be made on dislocation nucleation or dislocation glide mechanisms, 
rendering them a powerful tool to study the fundamentals of plastic deformation. 
However, classical MD simulations are limited with respect to the length- and the 
timescales that can be accessed with today’s computers. While billion-atom simula-
tions have become feasible using large computing clusters, the physical time scale 
that can be simulated remains limited to a few nanoseconds, because the time-
step of a simulation must be on the order of the atomic lattice vibrations, and thus 
is commonly 1fs. Another limitation of atomistic methods arises from the large 
amount of raw data that is produced during such simulations. This raw data com-
prises energies, position- and velocity-vectors per atom and per time-step, however 
no higher order information concerning mechanical or physical material behavior is 

Fig. 1  Methods and length-scales used in this work. Atomistic simulation methods cover length 
scales of up to 50 nm, whereas dislocation density-based mesomodels can describe volumes on 
the micron scale (yet, in this work only a 2D model is presented on this scale). Continuum mod-
els, finally, cover much larger volumes and can be used to simulate nano and micro indentations 
with very high accuracy

Multiscale Modeling of Nanoindentation
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available immediately. Thermodynamic quantities, like temperatures or stresses, can 
be assessed as ensemble averages given within the framework of statistical mechan-
ics. Advanced data analysis methods need to be applied in order to identify fur-
ther physical or mechanical quantities. To correlate microstructure and mechanical 
behavior, it is for example necessary to determine the positions of dislocations and 
to compute the Burgers vector of each dislocation segment. Once this kind of data is 
made available, it is becoming possible to obtain information of plastic deformation 
that can serve as the basis of theory building or provide useful input for simulation 
on larger scales, as it is described in this work.

The MD results on nanoindentation in single crystals, described in the follow-
ing section, have been obtained by a combination of the Nye-tensor method, a 
method to numerically approximate Burgers vectors (Begau et al. 2012), and the 
method of dislocation skeletonization (Begau et al. 2011). The latter algorithm 
simplifies the set of atoms identified as part of a dislocation core during the Nye-
tensor method into a set of connected geometrical lines, representing the disloca-
tion network. Each curve is associated with a Burgers vector that is derived from 
the set of atoms in the dislocation core. In total this method enables a very detailed 
description of dislocation networks to be derived directly from atomistic configu-
rations. Further analysis are performed with a modified version of the Bond Angle 
Analysis (Begau et al. 2011), originally proposed by Ackland and Jones (2006).

In the following sections, it will be demonstrated how atomistic simulations of 
nanoindentation into copper single crystals can serve as a rich basis for the under-
standing of the initial stages of plastic deformation in very small volumes. To accom-
plish this, the analysis of two simulations of nanoindentation is described in detail. 
Simulation 1 is designed to study the processes of dislocation nucleation in detail, see 
also (Begau et al. 2011), while simulation 2 demonstrates how the evolution of dis-
location densities is determined quantitatively and how the results can be compared 
with the model of Nix and Gao (1998), for further details see (Begau et al. 2012).

All simulations are performed using the IMD code (Stadler et al. 1997) and an 
EAM (Embedded Atom Method) style interatomic potentials for copper developed 
by Mishin et al. (2001). A constant temperature of 30 K is maintained during the 
simulations by a Nosé-Hoover thermostat. The crystal is indented into the free 
(111) surface, the degrees of freedom of the opposite surface are blocked to avoid 
rigid body motion, see also the lower left image in Fig. 1. Periodic boundary con-
ditions are applied on all lateral faces of the simulation domain. Further details 
concerning the simulation setup are given in Table 1 and in (Begau et al. 2011).

2.1  Mechanisms of Dislocation Nucleation

The initial deformation mechanism of plastic deformation and especially the ini-
tial homogeneous nucleation of dislocations at sites of highest shear stress under-
neath the indenter tip have been studied in detail with MD simulations (Kelchner 
et al. 1998; Vliet et al. 2003; Liang et al. 2003; Zhu et al. 2004; Zimmerman et al. 
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2001). During these typically displacement-controlled simulations a sharp drop in 
the measured hardness versus indentation depth curves is observed immediately 
after the nucleation events (see Fig. 3 (left)). A similar behavior is observed in 
recent experimental studies (Morris et al. 2011; Bei et al. 2005, 2008) on oxide-
free surfaces. Thus it is now widely accepted, that the nucleation of dislocations is 
responsible for the pop-in effect of well-prepared, oxide-free surfaces.

Up to now, the deformation mechanisms following this initial onset of plasticity 
are studied in far less detail, primarily due to a lack of proper analysis methods that 
characterize the dislocation network. By a combination of the methods mentioned 
above, this limitation has now been overcome and the mechanisms of dislocation 
multiplication and heterogeneous nucleation events after the onset of plasticity have 
been analyzed in some detail. Furthermore, local stress tensors could be evaluated 
as indicators of nucleation events. These stress values are derived from spatial and 
temporal ensemble averages of the virial stress tensors of the atom configuration, 
and thus can be related to the Cauchy stress as discussed by Zimmermann et al. 
(2004) and Subramaniyan and Sun (2008). For details on the implementation of all 
methods the reader is kindly referred to Begau et al. (2011).

By the virtue of these analysis methods, several heterogeneous nucleation 
events have been observed at surface steps placed at the contact zone between 
indenter and sample. The surface steps are produced by screw dislocations end-
ing on the free surface, while gliding on the {111} planes in 〈110〉 directions away 
from the nanoindenter. During glide, they leave behind a perfect lattice inside the 
crystal, but create slip steps on the surface. Heterogeneous nucleation events at 
such slip steps are observed by the formation of new dislocation segments in the 
derived dislocation network and are accompanied by high local von Mises stresses.

An example of such a nucleation process is given in Fig. 2. The surface step in 
this example is visible as a straight line along the [101] direction as a row of defect 
atoms in the atomistic data (second row, first image). The approximated Burgers 
vectors for these atoms derived from the Nye-tensor method do not yield signifi-
cant values, in contrast to the nearby atoms at dislocation cores, thus they are not 
yet to be treated as dislocation at this stage. Immediately before the nucleation of 
a new dislocation, the local von Mises stress in the vicinity of the slip step exceed-
eds 20 GPa. This value is significantly larger than the stresses reached in the sur-
rounding region that amount to about 8–12 GPa. The critical resolved shear stress, 

Table 1  Parameters for nanoindentation simulations in copper

Setup 1 Setup 2

Box size 44.9 × 44.6 × 40 nm³ 60.1 × 60.2 × 40 nm³
Atoms 6,825,984 12,324,864
Indenter size 12 nm, spherical 10 nm, spherical
Indenter velocity 30 m/s 23 m/s
Maximum indentation depth 3 nm 5.98 nm
Duration of loading 0.1 ns 0.26 ns
Duration of unloading – 0.08 ns
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which is derived from projecting the stress tensor at the nucleation site onto the 
glide plane and into the glide direction, corresponds to a value of approximately 
2.9 GPa. Noteworthy, this value is somewhat smaller, but on a similar order as 
the shear stresses required for the two initial homogeneous nucleations. These 
homogeneous dislocation nucleation events take place at stress levels of 3.8 and 
4.7 GPa, which is close to or even exceeds the theoretical strength of the material 
that for the interatomic potential used here is determined to be 4.0 GPa by homo-
geneous shearing simulations. After the nucleation event, the von Mises stress val-
ues decrease rapidly as the dislocation starts to grow. These results of dislocation 
nucleation at surface steps are in agreement with observations that have been made 
during nanoindentation close to artificially created surface steps by Zimmermann 
et al. (2001). Dislocations nucleate heterogeneously at these steps, rather than 
homogeneously in the region of highest shear stresses underneath the indenter.

In total, at least six dislocation nucleation events at surface steps similar to the one 
described above have been identified in the simulation. The knowledge of nucleation 

Fig. 2  Nucleation of a dislocation at a surface step. Figures are taken at indentation depths of 1.527, 
1.542 and 1.56 nm (corresponding to simulation times of 58.5, 59.0 and 59.6 ps). The first row dis-
plays the dislocation network (lines), resultant Burgers vectors (arrows) and stacking faults (gray 
layers). Small spheres indicate sites of local von Mises stresses exceeding 15 GPa. In the second row 
defect atoms and stacking faults are shown. The third row includes surface atoms close to defects as 
well. The black ring indicates the current contact area of the indenter tip (Begau et al. 2011)
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sites and the corresponding time steps is taken into account to establish a link to the 
contact pressure versus displacement curve, shown in Fig. 3 (left). The first signifi-
cant drop in the contact pressure takes place shortly after the initial homogeneous 
nucleation event. Thereafter, two additional pressure drops coincide with the first 
two surface nucleation events, although no drop can be identified for the following 
events. Most likely, the effect of later surface nucleations on the contact pressure is 
overshaded by dislocations reactions within the bulk whose frequency is increasing 
with time. However, it can be seen in the curve that the hardening by higher disloca-
tion densities indeed seems to balance the competing mechanism of softening caused 
by dislocation multiplication during plastic yielding.

Furthermore, the distribution of nucleation sites in space has been examined. 
The plot in Fig. 3 (right) indicates that nucleation sites are not arbitrarily distrib-
uted, but concentrate at specific sites. Inside the triangle with edges along the 〈110〉 
directions on the (111) plane, nucleation sites are located close to the median lines 
of the triangle. This is geometrically motivated, since these sites are displaced 
most by the spherical indenter along the 〈110〉 directions.

2.2  Incipient Plastic Deformation and Distribution  
of Dislocations

Deriving the dislocation networks including Burgers vectors with the methods 
mentioned above, enables one to compute the dislocation density tensor α inside 
an arbitrarily shaped region v as Eq. 1

(1)α =
1

v

∮

⊥in v

dl ⊗ b,

Fig. 3  Measured contact pressure versus displacement (left) and sites of heterogeneous disloca-
tion nucleations at surface steps labeled A–F (right). The triangle is drawn along the 〈110〉 direc-
tions inside the maximum indentation contact area (Begau et al. 2011)
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where l describes the dislocation line direction and b the Burgers vector. The ten-
sor α describes the deformation caused by a superposition of all dislocations inside 
the volume and thus is directly related to the density of geometrically necessary 
dislocations (GND). Thus, the prediction of the model by Nix and Gao (1998) can 
be tested using MD simulations in simulation setup 2 by measuring GND den-
sities and lattice rotation patterns caused by plastic deformation. Similar experi-
ments have been performed by Demir et al. (2009) using nanoindentation in single 
crystal copper and measuring the GND density from lattice rotation patterns via 
three-dimensional electron backscatter diffraction method (EBSD) with serial sec-
tioning. Due to limitations of the current computer performance, the MD sample is 
by a factor of 100 smaller compared to this experiment.

In order to estimate a scalar density correctly, the tensor α needs to be decom-
posed into a set of dislocations on the slip system as described by Arsenlis and Parks 
(1999). However, such a transformation depends on the selected set of possible dis-
location for a crystal structure. In the atomistic simulations, the tested volumes are 
rather small, thus comparable GND densities can be approximated by Eq. 2

In addition to the GND densities, it is straightforward to measure the dislocation 
density ρtotal in line length per unit volume. Note that while the total dislocation 
density measures the length of all dislocations in a certain volumes, by definition 
in Eq. (2) a GND density requires a net Burgers vector to be present in a certain 
volume. If the sum of all Burgers vectors of all dislocation segments cancel out in a 
given volume, only so-called statistically stored dislocations (SSD) are present.

In the simulation, a three-fold symmetry along the {111}�110� slip system is 
observed in the dislocation network under peak load (Fig. 4). By the interaction of 
dislocations and cross-slipping events, prismatic dislocation loops are frequently 
created in the strongly plastically deformed zone close to the indenter. The glide of 
these loops in [111], [111] or [111] direction, causes the distribution of dislocations 
to be larger than the plastic zone. However, inside the plastic zone underneath the 
indenter tip, dislocations form a complex network during this advanced stage of 
plastic deformation. The high density of GNDs is required to compensate the large 
deformation gradients in this region.

Figure 5 displays the distribution of GNDs and in-plane lattice rotations at the 
central section in the (112)-plane under peak load. GNDs are derived from the 
identified dislocation network and then reduced to scalar values by Eq. (2). Each 
visible cell represents a volume of 2 × 2 × 2 nm3. Compared to the experimen-
tally obtained results on GND distributions by Demir et al. (2009), many simi-
larities are found, although the absolute values of the dislocation densities differ 
by about two orders of magnitude owing to the steeper strain gradients since the 
length scale of the simulations is two orders of magnitudes smaller than the exper-
imental scale.

In the central section, dislocation densities are concentrated at three sites in both 
experimental and simulation results in a central peak under the indenter tip and two 

(2)ρGND = |b|−1
∑3

i=1

∑3

j=1

∣

∣αij

∣

∣
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domains to the left and to the right hand side, separated by regions with signifi-
cantly lower GND densities. The central peak originates from the complex disloca-
tion network found in the plastic zone underneath the nanoindenter, whereas the 
outer domains are associated with the spread of prismatic loops. The partial dislo-
cations are bounding extended stacking faults, which approximately represent the 
boundaries of the plastic zone. In contrast to the prismatic dislocation loops outside 
the plastic zone, where glide is limited to certain slip systems, inside the plastic 

Fig. 5  Lattice rotation patterns about axis [112] (left) and the total dislocation density tensors 
(right) at the central cross-section under peak load (Begau et al. 2011)

Fig. 4  A top-down view onto the extracted network of dislocations and stacking faults under 
maximum load. The three-fold symmetry in the 〈110〉(111) slip system is clearly visible. The 
circle indicates the indenter contact area (Begau et al. 2011). The cross-section shown in Fig. 5 is 
taken along the dashed line
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zone no preferred slip system could be identified. Due to the extremely high dis-
location density, dislocation interaction and multiplication are frequent and result 
in a highly complex dislocation network. Based on strain-gradient theory (Gao 
et al. 1999), it is expected that significant lattice rotations are present at domains 
with high GND densities. Indeed this can be observed in this simulation; however 
the inverse conclusion is not valid. Very steep rotation gradients are found at thin 
deformation twins that are produced by the glide of multiple partial dislocations on 
adjacent atomic planes, while GND densities are low in these regions.

The dislocation densities ρGND and ρtotal have been computed every 5 ps both 
for the total simulation box and for the plastic zone. The model of Nix and Gao 
(1982) assumed GNDs to be restricted inside a hemispherical plastic zone under-
neath the contact zone. However, the simulation results indicate a plastic zone, 
which is larger than the contact area (see Fig. 4). This is in agreement with obser-
vations made by Durst et al. (2005) that propose a larger plastic zone based on a 
comparison between numerical models and experimental work. In the simplified 
schematics of Nix and Gao, edge dislocations orthogonal to the indentation direc-
tion are compensating the deformation—a mechanism that is not possible in cop-
per due to the {111}�110� slip system and the chosen (111) indentation plane. 
Dislocations nucleated at the surface, as described in Sect. 2.1, repel each other and 
spread outside the contact area as they glide away from the indenter tip. Therefore 
and in accordance to (Hua and Hartmaier 2010) a factor of apz = 1.9 for the size of 
the plastic zone has been applied here. Pile-up or sink-in effects are not considered.

These results presented in Fig. 6 reveal that the total dislocation density in the 
entire simulation domain increases linearly during loading and decreases during 
unloading, with the exception of a burst of dislocation density during the initial 
nucleation avalanche occurring at an indentation depth of about 1.1 nm. Inside the 
plastic zone the total dislocation density increases as well, while the GND den-
sity remains fairly constant. This result is in agreement with theoretical estima-
tions of the GND densities using spherical indenters by Swadener et al. (2002), 
which extends the Nix and Gao model towards spherical indenter tips and predicts 
a GND density inside the plastic zone that depends on the indenter radius, but not 

Fig. 6  Total dislocation density and GND density in the entire volume (left) and inside the plas-
tic zone (right) (Begau et al. 2011)
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on the indentation depth. As the total density of dislocations is increasing as well, 
the SSD density must be increasing inside the plastic zone. The definition of the 
plastic zone coupled with the indenter contact radius becomes inconsistent during 
unloading, where the indenter gradually losses contact. Therefore, only values for 
the total volume are calculated during unloading. Here, the decrease in both GND 
and total dislocation density is noticeable. Anelastic relaxation takes place, since a 
certain number of dislocations are disappearing at the contact area.

In conclusion, interlinking dislocation networks, GND density distributions and 
lattice rotation patterns obtained from atomistic simulations gives a detailed insight 
into the processes of plastic deformation during nanoindentation. The patterns of 
dislocation density tensor distribution observed in the simulation have been linked 
to the geometry of the active slip system of copper as well. GNDs are concentrated 
in certain domains due to the three-fold symmetry of the {111}�110� slip system. A 
comparison of the dislocation density tensor patterns from simulation with experi-
mental results shows remarkable similarities, although the length scales differ by 
more than two orders of magnitude. This indicates that in the MD model the same 
mechanisms are active as during deformation experiments.

2.3  Highlights

Since plastic deformation mechanisms only depend on the interatomic potential 
and the crystal structure, atomistic simulations do not need to make any artificial 
assumptions on these mechanisms and hence are a valuable tool to investigate the 
early stages of plastic deformation during nanoindentation. However, it is necessary 
to process and analyze the atomistic raw data, consisting only of atomic positions 
and energies, with suitable methods to derive a quantitative description of the dislo-
cation network developing during plastic deformation. Based on this microstructural 
information more sophisticated analyses of the mechanisms during incipient plas-
tic deformation are possible, yielding a profound understanding of the underlying 
physics of initial dislocation nucleation and multiplications, and also the formation 
of typical dislocation structures, like for example prismatic loops. The initial struc-
ture of atomistic simulations is usually a perfect single crystal, which for metallic 
metals is not very realistic. However, since nanoindentation probes only very small 
volumes of a material, experimental studies have shown that it is possible to find a 
defect-free structure in the neighborhood of the nanoindenter (Morris et al. 2011; 
Lodes et al. 2011; Bei et al. 2008). From the comparison between experiment and 
atomistic modeling, the conclusion can be drawn that homogeneous dislocation 
nucleation in perfect crystals occurs at stress levels close to the theoretical strength. 
Once the first dislocations are created, these dislocations move and multiply at much 
lower levels of stress inside the bulk of the material. This dislocation motion pro-
duces plastic straining of the crystal and hence reduces the average stress level, 
such that further homogeneous nucleation is suppressed. Consequently, further het-
erogeneous nucleation of dislocations occurs preferentially at the corner of the con-
tact zone between indenter and free surface, where the stress levels at surface steps 
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or similar defects are still high. This pronounced difference in the very high stress 
required for homogeneous dislocation nucleation to the much lower stress level nec-
essary to produce a burst of plastic strain by motion and multiplication of the nucle-
ated dislocations, causes the pop-in event frequently observed experimentally on 
well-prepared oxide-free surfaces. In displacement controlled simulations, this plas-
tic strain burst causes a load-drop in the load-penetration curve.

With the very detailed information concerning dislocations networks from 
atomistic simulations, it is possible to assess not only individual dislocations, but 
also to calculate dislocation densities. Furthermore, advanced analysis tools allow 
us to discriminate between statistically stored dislocation densities and geometri-
cally necessary dislocation densities, the latter occurring in regions of lattice rota-
tions to accommodate strain gradients. Simulations clearly show that even on the 
atomistic scale the estimate of the GND density underneath the indenter from the 
model by Nix and Gao (1998) is valid, although the size of the plastic zone and the 
distribution of GND's are somewhat different. Thus it is concluded that atomistic 
simulations yield reliable information on the deformation mechanisms occurring 
during nanoindentation and that the obtained fundamental understanding of plas-
tic deformation can be used to enrich continuum models with appropriate physical 
descriptions of the mechanisms of plastic deformation.

3  Dislocation Density Based Continuum Model

From atomistic modeling we learned that plastic deformation during nanoinden-
tation of well-prepared, i.e. effectively dislocation-free specimens starts with the 
homogeneous nucleation of dislocations at very high stress levels, exceeding by far 
the typical yield strength of a material. This has been demonstrated in detail in Sect. 
2.1 as well as in the literature (Begau et al. 2011; Kelchner et al. 1998; Vliet et 
al. 2003; Miller and Rodney 2008). Translating this understanding into continuum 
mechanical descriptions of plastic deformation poses a severe challenge, because 
classical continuum models inherently assume that there is a finite dislocation den-
sity at every material point and that plastic deformation occurs by motion of these 
dislocations at a stress level corresponding to the yield strength of the material. 
While this assumption is usually fulfilled during the deformation of macroscopic 
volumes of metallic materials, it fails when directly applied to deformation of 
nanoscale volumes if the length scale of the tested volume is smaller than the length 
scale of the heterogeneity of the dislocation microstructure. Deformation of such 
small volumes can occur during nanoindentation or other nanomechanical testing, 
but also during fracture mechanical testing of brittle materials.

Apart from the necessity to deal with heterogeneous dislocation densities in con-
tinuum models and to take into account homogeneous dislocation nucleation during 
deformation of dislocation-free volumes, a further challenge for classical, i.e. scale 
independent continuum models is the description of size effects. As shown in Sect. 
2 the indentation size effect can be traced back to the high density of geometrically 
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necessary dislocations (GNDs) in the plastic zone below the indenter. The discrimi-
nation into statistically necessary dislocation (SSD) densities and GND densities 
arises naturally from the atomistic results by evaluating the total Burgers vector con-
tent in any volume element of the atomistic domain. If the sum of all Burgers vectors 
of all dislocation segments of unit length in a certain volume is zero, this volume 
element only contains SSDs. If, in contrast, this sum yields a certain net Burgers vec-
tor within a volume element there must be GNDs present. The sum of SSD density 
and GND density is always equal to the total dislocation density, i.e. the length of 
all dislocation segments divided by the volume of the element. In continuum theo-
ries, GND densities can be calculated from lattice lattice rotations, based on the Nye 
theory (Nye 1953) as described in the following Sect. 3.1. In so-called strain gradient 
or non-local plasticity models GND densities lead to additional work hardening and 
are the origin of size-dependent plastic material behavior.

In the following we device a rather simple two-dimensional continuum mechani-
cal model, which is applicable to describe the deformation of small volumes that 
can be either completely or partially dislocation-free and hence to mimic the natu-
ral heterogeneity of dislocation microstructure. This mesomodel is developed with 
special emphasis on a physically sound description of the incipient phases of plas-
tic deformation during nanoindentation. A more general non-local crystal plastic-
ity model will be brought forward in Sect. 4. The model is a natural extension of 
atomistic models, because it completely takes into account the atomistic findings on 
deformation mechanisms, but it drastically extends the volumes and also the time 
scales it can be applied to. To accomplish this, we apply a suited physically-based 
plasticity model that considers homogeneous dislocation nucleation as well as the 
creation and fluxes of GND densities. For a more detailed description of the applied 
methods we refer the reader to the publication by Engels et al. (2012). This model 
represents of first step towards a completely continuum mechanical description of 
nanoindentation and other nanomechanical tests, which has two benefits: On the 
one hand side, modeling of nanoindentation will help us to understand the competi-
tion between external loading and plastic stress relief as response of the material 
on realistic length and time scales. On the other hand side, and more importantly, 
nanoindentation techniques enable us to parametrize sophisticated crystal plasticity 
models of poly-crystalline alloys by inverse procedures, see Sect. 5.

3.1  Micromechanical Model of Incipient Plastic Deformation

The simple physically-based crystal plasticity (CP) model of lower-order type (see 
Sect. 4.1) Eq. 12 is based on the total strain rate tensor, ε̇, for which an additive 
decomposition can be applied in a small-strain framework (Eq. 3)

where ε̇e is the elastic strain rate tensor and ε̇p is the sum of all plastic shear-contri-
butions γ̇ α on the NS different glide systems α multiplied by the symmetric part of 
the Schmidt matrix Pα. This yields Eq. 4:

(3)ε̇ = ε̇e + ε̇p(εe),
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Herein the slip rate γ̇ α is defined according to Orowan’s law as the product 
of Burgers vector norm b, mobile dislocation density ρα and dislocation velocity 
v = v0τ

α / τcα. In the latter expression the velocity depends proportionally on the 
ratio of resolved shear stress τα and the critical resolved shear stress τcα (Eq. 5)

is formulated based on the isotropic Taylor hardening mechanism with c3 as a fit-
ting parameter. Such a consideration of dislocation densities is the key ingredi-
ent of physically-based crystal plasticity models. The SSD density and the GND 
density both contribute unweighted and uncoupled to the total dislocation density 
(Nix and Gao 1998) (Eq. 6)

The evolution of the SSDs is governed by the Kocks-Mecking approach 
(Mecking and Kocks 1981) (Eq. 7)

where c1 is a multiplication and c2 an annihilation parameter (Roters et al. 2000). 
Note, only SSD densities are described by this evolution law and that only SSDs 
take part in annihilation, since the evolution of GND densities is completely 
described by strain gradients as given by the Nye-tensor. However, both SSDs 
and GNDs can multiply and thus contribute to the increase in SSD density. In the 
small-strain framework, the Nye-tensor Λ̇ is approximated as Eq. 8

where ejkl is the antisymmetric permutation tensor and ei (i ∈ {1, 2, 3}) are unit 
vectors spanning the coordinate system. Finally, the density of GNDs is calculated 
according to Eq. 9

using the dislocation line and direction vectors lα and dα respectively.
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In order to activate plasticity in a dislocation-free crystal (ρα
init = 0 every-

where), a nucleation mechanism is formulated with the help of Heaviside’s func-
tion Θ(x) (Eqs. 10 and 11)

where

This necessary resolved shear stress for the nucleation of a dislocation loop can 
be derived from energetic considerations (Hirth and Lothe 1982). Herein, r0 is the 
radius of the dislocation core and e is Euler’s number. This nucleation only creates 
SSDs and from Eq. (7) it is clear the dislocation multiplication is a purely local 
process. Hence, the only way how a plastic zone can appear or grow in a disloca-
tion-free material is either through homogeneous dislocation nucleation or through 
the non-local nature of the GND evolution by strain gradients, as described by Eq. 
(9). Such strain gradients can occur between purely elastic regions and regions 
that have already deformed plastically and thus cause fluxes of GNDs to spread 
throughout the material.

Considering the above model, two-dimensional (plane strain) nanoindentation 
of a rectangular aluminum single-crystal is simulated. We solve the partial dif-
ferential equations of mechanical equilibrium with the help of a finite-difference 
approach, which enables a numerically straightforward incorporation of the gradi-
ent terms in Eq. (8). We apply vanishing displacements at the left, lower and right 
boundary. The load of a circular-shaped tip is mimicked by displacement condi-
tions (u̇ = const) at the upper free surface. Two active glide systems with an incli-
nation of ±π/6 to the vertical median are considered. The full set of geometrical 
and material parameters can be found in Table 2.

(10)ρα
nuc = c0|τα|Θ(|τα| − τc,nuc),

(11)τc,nuc =
Gb

πe3r0

2 − ν

1 − ν
.

Fig. 7  Comparison of load–displacement curves (left) and averaged total dislocation densities 
(right) for an initially dislocation-free crystal (solid line) and a crystal with preexisting disloca-
tions (dashed line) (Engels et al. 2012)
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3.2  Nanoindentation into Material with Heterogeneous 
Dislocation Density

The model derived above is here applied to nanoindentation simulations into 
a dislocation-free region of a material, a material with homogeneous dislocation 
density and a material with heterogeneous dislocation density. The results of inden-

Fig. 8  Comparison of total dislocation densities ρ(m−2) (left column) and GND densities 
ρg(m

−2) (right column) at different indentation depths for ρα
init

(x, y) = 0: a/b u1 = 0.51umax, b/c 
u2 = 0.53umax, d/e u3 = umax (Engels et al. 2012)
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tation simulations of a dislocation-free crystal (represented by symbols with index  
n, solid lines in figures) and a crystal with a homogeneous initial dislocation den-
sity of ρα

init(x, y) = 3.2 × 108 m−2 (symbols without index, dashed lines in figures) 
are presented in Fig. 7. The plots show the corresponding load-indentation curves 
and an average dislocation density ρ = (NxNy)

−1
∑

x,y

∑

α (ρa(x, y)) respectively. 
With the help of our continuum model we are additionally able to resolve the local 
dislocation density field underneath the indenter (Fig. 8).

During the initial phase of indentation into a dislocation-free region of a mate-
rial, the mechanical response is completely elastic. Since no dislocations are 
present, plastic deformation cannot occur until dislocations are nucleated homo-
geneously. This occurs when the resolved shear stress τα reaches its critical value 
τc,nuc in the region immediately below the indenter. At this stage a SSD density 
ρα

nuc
 is generated by homogeneous nucleation on slip system α. As can be seen 

from Fig. 8a/b, at u1 = 0.51umax gradients of plastic strains occur and hence lead 
to the creation of GNDs as a consequence of the localized plastic deformation due 
to the nucleation. When the avalanche of dislocations in the crystal has triggered 
a burst of plastic deformation in a certain area, the macroscopic load-indentation 
curve exhibits a force-drop of about 15 % due to the release of elastic energy. Here, 
the rate of total dislocation generation reaches its peak. At u2 = 0.53umax, steady 
state conditions are achieved. As can be seen from the comparison of the micro-
structure (Fig. 8c/e) almost the total area is plastically deformed and the further 
increase in the dislocation density is mainly due to SSD multiplication. High den-
sities of GNDs are located in a spherical regime underneath the indenter. In com-
parison, the load–displacement curve for preexisting dislocation condition appears 
shallower; stresses are limited by dislocation movement and since the nucleation 
criterion is not reached, no load-drop can be observed. Note that the final micro-
structures (Fig. 9) are comparable with respect to the total dislocation density 

Table 2  Summary of the applied model parameters (Sect. 3)

Parameter Symbol Value

Domain size Lx, Ly 10 μm
Discretization spacing ∆x, ∆y 0.1 μm
Indenter tip radius 2 μm
Max. indentation depth umax 0.07 μm
Duration of indentation 1.5 s
Young’s modulus E 71,000 N/mm2

Poisson’s ratio v 0.3
Burgers vector length b 2.86×10−7 mm
Ref. dislocation velocity V0 5 mm/s
Critical nucleation stress τc,nuc G/60 N/mm2

Glide system angle ϕ ±π/6

Nucleation parameter c0 1 N−1

SSD creation parameter c1 0.1/b
SSD annihilation parameter c2 10
Hardening parameter c3 0.5
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ρ(x, y), whereas the GND distribution is less localized in the case of ρα
init(x, y) = 0.  

This behavior is explained by reasoning that for finite initial dislocation densities 
the more homogeneous work hardening prevents strain gradients from spreading 
throughout the material, whereas in the initially dislocation-free material the strain 
gradients can spread freely over large distances.

In addition to homogeneous dislocation distributions we investigate the influence 
of a heterogeneous initial dislocation distribution on the pop-in behavior. In this case 
most of the domain is dislocation-free, except for a small region in the remote field 
of the indenter. In this region 5 × 5 material points in a distance of 0.8Ly below the 
indenter are set to an initial dislocation density of ρnuc = 3.2 × 108 m−2; in Fig. 10 
this region is visible due to its high dislocation density. This mimics the case that the 
highly stressed area below the indenter is smaller than the average spacing between 
dislocations. In this case there is some initial elastic loading, but before the critical 
stress for homogeneous dislocation nucleation is reached in the region of highest 
shear stresses immediately below the indenter, the preexisting dislocations remote 
from the indenter start to move. This occurs at a local stress level corresponding to 
the yield strength of the material, which by definition is the stress to move preex-
isting dislocations. Due to the heterogeneous stress field of the indenter that decays 

Fig. 9  Comparison of (a) total dislocation densities ρ(m−2) and (b) geometrically necessary disloca-
tion densities ρGND(m−2) for different initial dislocation distributions at maximum indentation depth. 
ρα

init(x, y) = 0 (left column) and ρα
init

(x, y) = 3.2 × 10
8

m
−2 (right column) (Engels et al. 2012)
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with the distance to the contact area, the stress close to the indenter exceeds the yield 
strength of the material, but due to the vanishing dislocation density in this region 
plastic deformation cannot occur. As soon as the local stress in the region with finite 
initial dislocation density reaches the yield strength, the dislocations in this area start 
to move and multiply in the usual manner. This yields a successive plastically defor-
mation of the material starting in the region of finite initial dislocation density and 
spreading towards the highly stressed region below the indenter, as seen in Fig. 10a. 
A closer analysis reveals that fluxes of GNDs, which start to develop due to strain 
gradients in the region of finite initial dislocation density, are responsible for this trig-
gering of plastic deformation. The load-indentation curve for this case reveals, that 
the load-drop is actually shifted towards lower indentation depths and its magnitude 
is severely reduced (cf. (Engels et al. 2012), Fig. 5).

The comparison with MD simulations performed in Sect. 2 reveals a good 
qualitative agreement in terms of slope and shape of the load drop (Begau et al. 
2011; Zimmerman et al. 2001; Ziegenhain et al. 2010) as well as with displace-
ment-controlled experimental data of Minor et al. (2006). However, we performed 
additional quasi-two-dimensional MD simulations of aluminum, see Fig. 1, top 
left. Material parameters, geometry and lattice orientation are chosen such that the 
setup is comparable with the continuum simulation. The resulting load-indentation 
curve (Fig. 11) shows the characteristics as the curve from the continuum model 
for initially dislocation-free material (Fig. 7 (left)), i.e. initial elastic loading fol-
lowed by a sharp load drop after which the curve continues with a reduced slope.

3.3  Highlights

Based on the results presented above we conclude that the introduction of a crite-
rion for homogeneous dislocation nucleation and an appropriate evolution of GND 
densities enables us to simulate nanoindentation into materials with heterogeneous 

Fig. 10  Total dislocation density ρ(m−2) distribution for two indentation depths and heterogene-
ous initial dislocation distribution. a Plastic deformations in the highly stressed area below the 
indenter tip are activated by the GND fluxes. b The dislocation distribution after the load drop is 
comparable to that in Fig. 3a (Engels et al. 2012)
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dislocation distributions on all scales, i.e. ranging from completely dislocation-
free material, over mostly dislocation-free material exhibiting only local spots of 
finite dislocation densities, to material with an initially homogeneous dislocation 
density. Here, the term dislocation-free is not necessarily referring to the entire 
material, but rather to local regions between areas with finite dislocation densities. 
The simple continuum mechanical model developed here is capable of reproduc-
ing pop-in behavior observed in experiment and can even explain why the pop-in 
load and pop-in strength is reduced if dislocation motion in areas remote to the 
indentation occurs before the stress level right below the indenter reaches the criti-
cal stress for homogeneous dislocation nucleation. In cases where such homogene-
ous dislocation nucleation occurs the load at which the pop-in takes place and also 
the strength of the pop-in reach a maximum value that only depends on the theo-
retical strength of the material and on the loading situation, i.e. the shape of the 
indenter and the applied force. In our simulations we can observe a slight delay 
between the first dislocation nucleation event and the drop of the indentation force, 
which is consistent with the results of atomistic simulations and supports the con-
clusions of Knap and Ortiz (2003) who noted that the pop-in is not a reliable indi-
cator for first dislocation activities. Comparable distributions of GND densities 
can be found in the work of Demir et al. (2009), Huang et al. (2006) and Han et al. 
(2007) with the assumption of preexisting dislocations. However we found that for 
an initially dislocation-free crystal the distribution of GNDs is not well-described 
by the model of Nix and Gao (1998), who assume a very narrow spherical GND 
field underneath the indenter, which is more appropriate in cases of a material with 
a finite dislocation density. Hence, for a completely dislocation-free crystal such 
an assumption might not be a good approximation of the real dislocation structure.

4  Crystal Plasticity Model: Indentation Size Effect  
and Imprint Topology

From the previous sections it became clear that a correct treatment of statisti-
cally stored dislocation (SSD) densities and geometrically necessary dislocation 
(GND) densities is necessary to describe the strain gradients occurring during 

Fig. 11  Force displacement 
curve in aluminum obtained 
by MD simulation. The 
length axis of the cylindrical 
indenter r = 12 nm is parallel 
to the [110] axis using 
periodic boundary conditions 
in this direction to ensure a 
setup that is comparable with 
the CP-simulation
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nanoindentation correctly. With the help of such non-local plasticity models the 
so-called indentation size effect (ISE), described in the introduction (Sect. 1), 
is treated consistently. However, the detailed treatment of the evolution of SSD 
and GND densities as described in the previous section turns out to cause a pro-
hibitive numerical effort, such that fully three-dimensional models with realistic 
indenter geometries cannot be simulated with such a demanding material model. 
In the following we will describe a non-local crystal plasticity model that is also 
based on dislocation densities, but introduces some simplifications that render it 
numerically more efficient. Furthermore, this crystal plasticity model is embedded 
in a large strain formulation such that simulations of deep nanoindentations with 
realistic indenters geometries, like spherical, sphero-conical or Berkovich indenter 
tips, become possible. As discussed in the previous section, the inherent assump-
tion of standard plasticity models that there exists a homogeneous dislocation 
density everywhere and the plastic yielding occurs as soon as the yield strength 
of the material is reached locally has an influence on the evolution of strain gra-
dients and GND densities. However, it could also be shown that this difference 
is only pronounced for shallow indents, whereas for deeper indentations the solu-
tions obtained for initially dislocation-free material and material with a homogene-
ous initial dislocation density approach each other. Since we will be dealing with 
rather deep indentation in the following, we will henceforth use standard plastic-
ity formulations and thus assume a homogeneous initial dislocation density, i.e. 
we will be treating the case where the depth of the indentation is large compared 
with the heterogeneity of the dislocation distribution. The accuracy achieved with 
such models enables us to compare numerical results directly with experimental 
data, such that the application of inverse methods to quantify model parameters 
becomes possible (see Sect. 5).

4.1  Non-Local Crystal Plasticity Model

A fully non-local crystal plasticity finite element model for finite deformations is 
developed here. Compared to simple plasticity models, like J2 or von Mises plas-
ticity, crystal plasticity models allow for the consideration of physics-based elastic 
and plastic material models that take into account anisotropic material behavior 
or even dislocation densities on different slip systems. The explicit treatment of 
material anisotropy is particularly important for nanoindentation simulations, 
because in many cases effectively only one grain is indented such that the aniso-
tropic deformation of single crystals needs to be described correctly. In this work 
only slip based deformation mechanisms are modeled. Elastic and plastic parts of 
large deformations can be separated by multiplicative decomposition (Lee 1969) 
of the total deformation gradient tensor F (Eq. 12)

(12)F =
∂x

∂X
=

∂x

∂ x̃

∂ x̃

∂X
= FeFp,
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where dX, dx̃ and dx are line elements in the reference configuration, intermedi-
ate (unloaded) configuration and current configuration, respectively. In Eq. (12), 
Fe and Fp are the elastic and plastic deformation gradient, respectively. The rate of 
elastic Ḟe and plastic deformation gradient Ḟp can be defined in terms of the veloc-
ity gradient L as follows (Eqs. 13 and 14)

where L = ḞF
−1 and Lp = ḞpFp−1 are the total and the plastic velocity gradients 

defined in the current and the intermediate configuration respectively. Elastic and 
plastic deformation cannot be considered independent because plastic deformation 
is just the dissipation of the energy stored by elastic deformation. Elastic deforma-
tion can be defined with the help of the constant stiffness tensor C̃ in the intermedi-
ate configuration because plastic deformation leaves the crystal lattice orientation 
unchanged. Using the second Piola–Kirchhoff stress tensor S̃ and its work conju-
gate elastic Green strain tensor Ẽ = 1

2

(

FeTFe − I
)

 in the intermediate configura-
tion, elastic law can be defined as follows Eq. 15

We can always convert the second Piola–Kirchhoff stress S̃ into current con-
figuration Cauchy stress σ by push forward method (Eq. 16)

Non-local behavior of the model appears during the plastic deformation of the 
material. Plastic deformation occurs through slipping of dislocations on certain 
planes along certain directions (slip system). The driving force for the plastic defor-
mation can be a function of externally applied loads, isotropic resistance of disloca-
tion interaction and long range back stress of dislocation pile-ups. Commonly used 
assumption for plastic deformation can be defined in terms of plastic part of velocity 
gradient Lp and shear rate at particular slip system γ̇ α (Eq. 17)

where M̃α is the Schmidt tensor for the slip system α and Ns is the number of slip 
system.

Based on the classical GND density tensor (Nye 1953), a number of non-local 
constitutive models have been proposed in the literature in order to model the 
material deformation in presence of gradients of plastic deformation Fp. As exam-
ples of the lower order strain gradient constitutive model category, in which no 
additional governing differential equations and no extra boundary conditions are 

(13)Ḟe = LFe − FeLp

(14)Ḟp = LpFp

(15)S̃ = C̃0Ẽ

(16)−→
σ = F

e
S̃ F

eT 1

det(Fe)

(17)Lp =
NS
∑

α=1

γ̇ αM̃α
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introduced, Nix and Gao (1998) added the GND densities of plastic strain gradi-
ents to the Taylor hardening mechanism; Ohashi (2005) assumed that the mean-
free path of mobile dislocations of one slip system depends on the forest GND 
density of this slip system; and the model proposed by Ma et al. (2006) consid-
ered the influence of the GND density on the average jump distance, the activa-
tion volume, and the passing stress of a mobile dislocation. Several experiments 
(Weertman 2002; Mughrabi 2007; Suzuki et al. 2009; Hayashi et al. 2011) clearly 
support the forest dislocation hardening mechanism of GND densities. The iso-
tropic hardening caused by homogeneously distributed GNDs can be formulated 
in form of a Taylor law as Eqs. 18 and 19

where

Here, NS is the total number of slip systems and χαβ the interaction coefficients 
between different slip systems. c1 is the Taylor hardening coefficient (Evans and 
Hutchinson 2009) or the geometrical factor (Gottstein 2004) and G is the shear 
modulus. The slip direction, d̃α, the slip plane normal direction, ñα and edge dislo-
cation line direction, l̃α, are defined with respect to the undistorted configuration. 
Note that in this formulation the work hardening by SSDs and GNDs is added up 
linearly, which is a simplification of the more realistic formulation, where the SSD 
and GND densities are added to yield the total dislocation density from which the 
total work hardening is then calculated by the Taylor formula. However, the for-
mulation chosen here allows for some necessary simplification that renders the 
numerical treatment much more efficient.

In recent micro bending experiments (Suzuki et al. 2009; Hayashi et al. 2011), 
size dependent kinematic hardening and size dependent isotropic hardening are 
observed in mechanical tests with multi-planar and multi-slip deformation modes. 
At the same time, size independent isotropic hardening and only weakly size 
dependent kinematic hardening are observed in the tests with coplanar double slip 
deformation mode. These experimental results can only be described consistently 
by a model taking into account isotropic and kinematic hardening of a GND den-
sity properly. To our knowledge such a model has not been formulated yet.

Non-local constitutive models of higher order often consider additional 
degrees of freedom (DOF) with respect to strain gradients. Their governing par-
tial differential equations are of higher order than those of classical crystal plas-
ticity finite element methods. The Cosserat models (Forest et al. 2000) considered 
the micro-rotation vector connecting to the elastic spin tensor as additional DOF, 
the plastic strain gradient models (Gurtin 2002) included the nine components 
of the plastic deformation gradient as additional DOF. Furthermore, the recently 

(18)τ̃GNDpα = c1Gb

√

ρα
GND,

(19)
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GNDp
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developed micromorphic non-local models (Cordero et al. 2010) adopted a non-
symmetric plastic micro-deformation tensor, which can be different from the 
plastic deformation gradient, as additional DOF. For this type of constitutive 
model, the governing equation with respect to the additional DOF is the balance 
of moment of momentum or a similar kind. Currently, the biggest challenge for 
higher order non-local constitutive model is how to treat the necessary bound-
ary conditions for the additional DOF across grain boundaries and phase bounda-
ries. The internal stress or back stress caused by second order strain gradient is 
responsible for the kinematic hardening. As an example, through considering the 
standard stress fields of a dislocation segment (Hirth and Lothe 1982; Wit 1967; 
Devincre 1995; Geers et al. 2007) in an isotropic elastic material, the internal 
stress caused by linear GND pile-ups inside a L1L2L3 domain has been derived 
recently as follows Eq. 20

where CIJ is the module to calculate the stress at [0, 0, 0] caused by a dislocation 
segment [−LI t

I
/2, +LI t

I
/2] locating at position LJgJ.

The evolution of the passing stress due to GNDs is governed by lattice curva-
ture at current time. The second non-local term is the internal or back stress SGND

ij  
caused by the GND density gradients which have been calculated by considering 
standard stress fields of a dislocation segment, second order plastic strain gradi-
ent around one material point and average dislocation pile-up size. This internal 
stress provides kinematic hardening effects during complicated loading histories 
like Indentation, bending and torsion.

In this contribution a very simple phenomenological viscoplastic flow rule is 
used. As mentioned above some modifications in the flow rule have been made to 
consider the influence of the GND density on plastic deformation. The resolved 
shear stress τ is calculated by the projection of macroscopic stress S̃ and micro-
scopic internal stress S̃GND onto the slip system as shown below (Eq. 22)

Thus, a modified flow rule dealing with non-local effects supplied by GNDs 
can be described as follows (Eq. 23)

where p1 is the inverse value of strain rate sensitivity and τ̂ α the resistance coming 
from all of the SSD densities at α slip system. Temperature effects have not been 

(20)SGND
ij = KijabcdF

p

ab,cd

(21)Kijabcd = −(L1L2L3)δmbc

3
∑

I ,J=1

CIJ
ijat

I
mgJ

d .

(22)τα = (S̃ + S̃GND) · M̃α .

(23)γ̇ α = γ0
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included in the flow rule by considering the isothermal test condition. We have two 
kinds of evolution law for the τ̂ α (hardening by SSDs). The first one is based on 
the Kocks-Mecking approach Mecking and Kocks (1981), which has already been 
described in the previous Sect. 3.1. The second one is a phenomenological evolu-
tion law inspired from the work of Kalidindi et al. (1992) (Eq. 24)

where h0 is the initial hardening rate, τ̂ s is the saturation slip resistance and p2 is 
a fitting parameter. We compared the hardening behavior of a material using two 
different approaches (dislocation density based work hardening rule and phenom-
enological work hardening rule) and found the phenomenological approach to be 
currently more suited for the further calculations presented in this contribution.

4.2  Finite Element Model

Due to the non-local formulation of the model, an additional degree of freedom 
(DOF) Fp′ has been considered. In this model a weak coupling between the con-
ventional DOF u and the additional DOF Fp′ has been established. A user material 
subroutine UMAT has been developed using the commercial Abaqus software,1 
which can calculate the stress, stiffness and other internal variables at each time 
increment, taking non-local terms into account.

As described in the introduction (Sect. 1) different ISE occur for different kinds 
of indenters. In the following deep nanoindentation simulations for spherical have 
been performed using the model described above. A fully three-dimensional simu-
lation of nanoindentation into an aluminum single crystal is performed. Since the 
ISE in case of spherical indenter is related to different radii we investigated radii 
ranging from 200 to 70 μm. A finite sliding, hard contact problem is modeled, 
where the indenter is assumed to be an analytical rigid body. Displacement bound-
ary conditions are applied at the indenter tip. The bottom of the cylindrical model 
is constrained in all three translational DOF. A crystal orientation of [100] has been 
considered for all simulations. Finite element simulations are performed using lin-
ear as well as quadratic elements to compare the results with and without inter-
nal stress (which can only be considered by using quadratic elements). The crystal 
plasticity parameters mimicking the behavior of an Al single crystal adopted from 
Roters et al. 2004) are listed in Table 3.
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1 The Abaqus Software is a product of Dassault Systemes Simulia Corp., Providence, RI, USA.
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4.3  Indentation Size Effect and Imprint Topologies

The model described above has been applied to describe the ISE and its influence 
on the resulting imprint topology of the indented surface. Furthermore, the effect of 
higher order stresses on the pile-up behavior of the material was analyzed. We find 
that lower order models where only isotropic hardening by GNDs is considered are 
sufficient for capturing the ISE, but including higher order stresses into the model 
enables us to predict more realistic indentation topologies. In Fig. 12 we present 
simulation results capturing the ISE for spherical indenters in form of indentation 
hardness H at a fixed ratio of a/R. The indentation hardness H is defined as the inden-
tation force divided by the projected contact area between surface and indenter, i.e. 
the fraction of the contact area that has a normal direction parallel to the indentation 
direction. Furthermore, a is the contact radius and R is radius of spherical indenter. It 
is seen that the indentation hardness H is increasing monotonously with the ratio a/R

, whereas it decreases with increasing indenter radius. This result is in good agree-
ment with experimental observations shown in (Swadener et al. 2002), cf. Fig. 3, and 
also with the theoretical expectation. However, if the simulations are performed with 
local crystal plasticity model the obtained hardness is almost same for all indenters 
and a/R ratios as shown in Fig. 12 (left). This clearly demonstrates the need to use 
a non-local plasticity model for nanoindentation simulations if an ISE is expected.  

Fig. 12  Indentation hardness H versus a/R ratio; in the legends the indenter radii are given. 
Left simulation performed with local model; Right simulation performed with non-local crystal 
plasticity model

Table 3  Summary of the crystal plasticity parameters mimicking the mechanical properties of 
an Al single crystal (Roters et al. 2004)

C11 
(GPa)

C12 
(GPa)

C44 
(GPa)

p1 p2 c1 h0 
(MPa)

γ̇0 (s−1) τ̂α 
(MPa)

τ̂ s 
(MPa)

χαβ 
Copl.

χαβ 
Non-copl.

106.75 60.41 28.34 0.02 2.25 0.1 60 0.001 12.5 75 1.0 1.4
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Note however, that for very deep indentations experiment shows that the ISE saturates 
and the indentation hardness converges to a constant bulk value.

The imprint topology on the surface remaining after indentation, i.e. the so-
called pile-up or sink-in, is analyzed here as a function of the work hardening 
behavior of the material. The results of the finite element simulations reveal first 
of all a very pronounced plastic anisotropy that reflects the four-fold symmetry in 
the orientation of the slip systems in the material, see also (Eidel and Gruttmann 
2007). Furthermore, it is seen that the non-local crystal plasticity model produces 
a less pronounced plastic pile-up compared to the local crystal plasticity model 
(see Fig. 13). This is explained by the extra work hardening provided by GNDs 
and this finding is in line with the observation reported in the literature that a more 
pronounced work hardening produces smaller pile-up structures, see for example 
(Alcalá et al. 2000). In the extreme case of very strong work hardening a sink-in 
is produced by the indentation rather than a pile-up, i.e. the material around the 
indentation is displaced into the surface instead out of the surface.

Further results from the non-local model show a trend of decreasing pile-up size 
with an increasing coefficient of GND hardening (Taylor’s hardening coefficient c1)  
which is consistent with findings reported in the literature (McElhaney et al. 1998; 
Cheng and Cheng 1998). Figure 14 demonstrates that the pile-up is significantly higher 
for the value of c1 = 0.01 (left), decreases for c1 = 0.05 (middle) and transforms into a 
sink-in for c1 = 0.1 (right) for otherwise the same finite element simulation.

4.4  Highlights

The macroscopic simulation of nanoindentation with spherical shape reveals 
results that are comparable to experiments. Our studies with different non-local 
models show that the ISE is captured already reliably by lower-order formulations. 

Fig. 13  Surface topology for local and non-local crystal plasticity model; the legends give the 
displacements with respect to the nominal surface. Left significant pile-up for local crystal plas-
ticity model; Right decreased pile-up size for non-local crystal plasticity model
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However, higher-order models have an influence on the imprint topology. 
Consistent with the literature, we find that the imprint profile reflects the crystal-
lographic slip symmetry of the indented crystal. The imprint profile is furthermore 
very sensitive to the work hardening behavior of the material and thus also to the 
work hardening contribution of GNDs, that are produced by the strain gradients 
occurring during the indentation. Hence, we conclude that a comparison of the 
imprint profiles obtained from experiment and numerical modeling provide a criti-
cal test for such models and a possibility to assess model parameters.

5  Crystal Plasticity Parameter Identification  
by Inverse Method

With the non-local crystal plasticity model a powerful constitutive model for 
the mechanical behavior of single crystals has been introduced in Sect. 4.1. This 
model takes into account dislocation slip on individual glide planes, thus describ-
ing the plastic anisotropy of the single crystal in a physical way. Since in this sec-
tion the finite element simulation and inverse analysis is only applied to rather 
deep microindentations, where the indentation size effect (ISE) is no longer sig-
nificant, we use a simplified slip rule for a local crystal plasticity model without 
explicitly taking into account dislocation densities. The main purpose of this sim-
plification was to gain numerical efficiency and thus to simplify the optimization 
during the inverse analysis of the results. If this procedure is applied to more shal-
low indents, where the ISE plays a more prominent role, it is essential to apply 
non-local formulations of higher order, as demonstrated in the previous section.

The inverse analysis itself has the purpose to identify material parameters for 
the crystal plasticity model in a unique and robust way. To accomplish this, finite 
element (FE) model of a microindentation is implemented that obeys the same 
boundary conditions, i.e. indenter geometry, crystal orientation and maximum 
indentation force, as the experiment that is conducted in parallel. Furthermore, the 
FE simulation is initially performed with guessed values for the material parame-
ters. From the experiment as well as from the FE simulation the remaining imprint 

Fig. 14  Pile-up imprint for different values of Taylor’s hardening coefficient for GNDs c1; the 
legends give the displacements with respect to the nominal surface. Left significant pile-up for 
c1 = 0.01; Middle decreased pile-up size for c1 = 0.05; Right sink-in behavior for c1 = 0.1
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topology after the microindentation is quantified and both results are compared. 
Then the material parameters are varied by an optimization procure until an opti-
mal agreement between numerical and experimental results is established. These 
optimal parameters are then considered to be the true material parameters for the 
crystal plasticity model. In previous work (Schmaling and Hartmaier 2012) the 
uniqueness and robustness of this method for a simple two-parameter plastic-
ity model has been demonstrated in the case of conventional Rockwell hardness 
imprints. In this contribution we demonstrate its application to parameterization 
of a crystal plasticity model for α-iron. Recently, Zambaldi et al. (2012) published 
the application of a similar method for a crystal plasticity model of α-titanium.

5.1  Inverse Analysis Method

The inverse analysis is expressed as the minimization problem for a discrepancy 
norm quantifying the deviation between experimental and simulated quantities 
describing an indentation topology. Minimization is performed with respect to the 
unknown values of the crystal plasticity parameters. The discrepancy norm to be 
minimized is defined as (Eq. 25)

where usim
ij (i, j = 1 . . . N) are the displacements describing the height profile of 

the simulated indentation topology over the entire pile-up area, the number of 
sampling points is given by N ≈ 200. The corresponding experimental values are 
denoted by uexp

ij  and x is the vector of unknown simulation parameters. To mini-
mize Eq. (25) an in-house derivative-free parallelized optimization algorithm 
(Begau 2008) based on a work about efficient global optimization of expensive 
black-box function using the Kriging metamodeling approach (Jones et al. 1998) 
was chosen. The optimization algorithm and strategy is especially designed for 
optimization of FE problems, requires a small number of usually expensive func-
tion calls, i.e. FE simulations of the microindentation, and returned good estimates 
very close to the global minimum in all of our test cases showing fast convergence 
behavior. Instead of using starting values that can run into local minima the algo-
rithm samples the entire domain of possible material parameters and successively 
finds better estimates based on various criteria. Hence, it is in the responsibility of 
the user to define appropriate boundaries for the crystal plasticity parameters. For 
the sake of brevity the reader is kindly referred to (Jones et al. 1998) for details of 
the optimization algorithm.

To obtain the results shown in the following the experimental microindentation 
was performed into a large grain of known orientation of a coarse grained α-iron 
material (ARMCO iron). The inverse analysis was applied with knowledge of the 
experimental boundary conditions and of the residual imprint topography lead-
ing to results for the unknown crystal plasticity parameters that describe plastic 

(25)MSE (x) =
n
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m
∑
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ij (x) − u
exp

ij )2
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yielding and hardening behavior of each glide system. Later in this section the 
microscopic crystal plasticity results are homogenized and verified with respect to 
uniaxial tensile tests of polycrystalline α-iron.

For the experimental procedure a rather large indentation depth of 3 μm for a 
sphero-conical indenter of 10 μm tip radius and opening angle of 90° was chosen. 
The simplified flow rule for the plastic slip rate γ̇ α on each slip system α is formu-
lated as Eq. 26

with the work hardening dependent critical resolved shear stress (Eq. 27)

where T  is the current time of the FE simulation. The work hardening rate is given 
by Eq. 28

This yields the unknown material parameters to be determined by the inverse 
method, namely the reference shear rate γ̇ 0, the initial critical resolved shear stress 
τc,0, the initial hardening rate ḣinit, the saturated critical resolved shear stress τα

s , 
the hardening exponent n and the flow rule exponent m.

We considered NS = 12 glide systems. τα is the resolved shear stress on glide 
plane α. The diagonal terms of the Schmidt matrix Mαβ (self-hardening) in all 
simulations were chosen as 1.0 and for the off-diagonal terms (latent hardening) a 
value of 1.4 was set, as typical literature values (Roters et al. 2010).

Three-dimensional (3D) simulations similar to the ones described in Sect. 4 
have been performed during the inverse analysis. The optimization procedure usu-
ally was carried out up to 20 generations, after that no noticeable reduction of the 
values of the objective function values was observed. The achieved geometrical 
similarity of simulated and measured imprint topology can be seen in Fig. 15. 
A more quantitative comparison of the pile-up heights between simulation and 
experiment is given in Fig. 16, where the height coordinates are plotted against the 
circumferential angle for two different radii. The identified parameters obtained 
through the inverse analysis are given in Table 4.

5.2  Homogenization and Verification of Results

The identification and verification of parameters for crystal plasticity models requires 
vhasvbeen shown above that the inverse analysis of nanoindentation imprints yields 
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Fig. 15  Left crystal plasticity FE simulation using material parameters from inverse analysis 
(Table 4); Right experimental result of microindentation on α-iron (orientation of indent can be 
found in Table 4). Only positive displacement above the nominal surface is displayed for visu-
alization purposes. The residual imprint depth of the experiment is 3.2 μm, whereas the imprint 
depth of the inverse analysis is fitted to 3.0 μm

Fig. 16  Circumferential pile-up height from inverse analysis and experiment of α-iron at a 
radius of 8.7 μm (left) and 14.5 μm (right) from the center of the imprint

Table 4  Material parameters for α-iron of crystal plasticity constitutive behavior identified by 
nanoindentation in grain with the given orientation by Bunge Euler angles and inverse analysis of 
the presented approach; r and Φ are indenter tip-radius and indenter opening-angle respectively

r (μm) Φ (°)
ḣinit

 
(MPa/s) τ

α
s  (MPa)

τc,0 
(MPa) γ̇0 (s−1) m n Fitness

Euler angle 
(°)

9.9 89.4 961 310 78.3 3.23 × 10−3 26.7 7.81 16.3 [194,9,164]
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such parameters. Here it will be shown in addition that the identified parameters can 
truly be used for crystal plasticity FE simulations of the respective alloy, by applying 
a homogenization approach and comparing the homogenized effective polycrystal 
properties to those obtained from tensile tests. The microstructure of the real material 
is described in a simplified way by a representative volume element (RVE) consist-
ing of 91 randomly oriented grains. This 3D periodic RVE is created by a Voronoi 
tessellation (Voronoi 1908). The mechanical behavior of each grain is described with 
the crystal plasticity model defined above using the identified material parameters 
from inverse analysis method (Table 4). Neighboring grains have perfect deforma-
tion compatibility between them such that no special constitutive relations for grain 
boundary mechanics are considered here. The geometrical model and the corre-
sponding mesh of the RVE are shown in Fig. 17.

The RVE was subject to a virtual tensile test yielding an effective stress–strain 
curve for a polycrystal shown in Fig. 18 (left). Comparing the stress–strain behav-
ior to the results obtained by (real) uniaxial straining tests shows good agreement 
for the yield strength and for the hardening up to the maximum value of accumu-
lated plastic strain of 13%. It is noted that the tensile test reveals a yield point phe-
nomenon that is not described by the crystal plasticity model.

The microindentation load–displacement curve has not been considered in the 
inverse analyses carried out in this work. However, for completeness it is given in 
Fig. 18 (right) to demonstrate the quality of the agreement between crystal plastic-
ity FE simulation end experiment.

Fig. 17  Left geometrically periodic artificial microstructure achieved through Voronoi-
tessellation is used for the virtual tensile tests. The representative volume element consists of 91 
randomly oriented grains. Right corresponding mesh with 7,857 elements (fully integrated with 
linear shape functions)
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5.3  Highlights

In this section the applicability of a simple local crystal plasticity model for the 
simulation of microindentation, where indentation size effects do not need to be 
considered, is demonstrated. The accuracy for the load displacement curve and in 
particular for the remaining imprint topology is high enough such that a quantita-
tive comparison with experimental data is possible. This allows us to apply inverse 
methods to determine true material parameters for crystal plasticity models in a 
unique and robust way. In future work this method will be applied to nanoindenta-
tion under consideration of size effects. Thus a direct link between experiment and 
non-local crystal plasticity models can be established.

6  Concluding Remarks

In this contribution we demonstrated the applicability of simulation methods on 
different length scales to describe the nanoindentation process from the atomic 
scale, where dislocation nucleation and evolution of dislocation densities dur-
ing the initial stages of plastic deformation can be studied, to the macroscale, on 
which the remaining imprint topology can be described with such an accuracy that 
inverse methods become applicable to determine realistic material parameters.

Major advancements on the atomic scale have been achieved through recent 
developments concerning the analysis of atomic structures. With these analysis 
methods it is not only possible to determine the positions of dislocation segments, 
but also to assess their Burgers vectors and line directions. From such information 

Fig. 18  Left homogenized stress–strain behavior through virtual tensile test of a Voronoi poly-
crystal compared to results obtained by experimental tensile tests. Right comparison of microin-
dentation load–displacement curves for a single α-iron grain obtained from FE simulation with 
parameters from inverse analysis and from experiment
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important insight can be gained on the evolution of densities of statistically stored 
and geometrically necessary dislocation densities, respectively. Thus, it could be 
shown that the deformation mechanisms occurring during atomic simulations are 
the same as those taking place during experiment, although the length scales of the 
nanoindenter sizes still differ by one to two orders of magnitude.

From the comparison of the results of atomic simulation and experiment we learn 
that the microstructural state of the indented material is of utmost importance for its 
mechanical response. If the indentation occurs into a dislocation-free region, homo-
geneous dislocation nucleation at a stress level close to the theoretical strength of 
the material has to take place at the most highly stressed spot below the indenter. 
By this event plastic deformation is initiated with a strain burst that reveals itself in 
form of a pop-in. After this initial dislocation nucleation further dislocation genera-
tion takes place at much lower stresses and hence in much larger volumes, either by 
dislocation multiplication or by heterogeneous nucleation at slip lines in the contact 
area. Mesoscale simulations suggest that strain gradients play a dominant role during 
the spreading of the plastically deformed zone into a dislocation-free material. If, 
in contrast, indentation is performed close to preexisting dislocations, these disloca-
tions can be moved at significantly lower stresses. Consequently, mesoscale simula-
tions indicate that under these conditions pop-in behavior is significantly reduced or 
completely suppressed, which is in agreement with experiment.

On the macroscale, finally, the importance of a reliable description of strain 
gradients by appropriate evolution laws for densities of statistically stored dislo-
cations and geometrically necessary dislocations, respectively, has been demon-
strated. Such dislocation density evolution laws can be consistently formulated 
within non-local crystal plasticity models. From the comparison of local and non-
local crystal plasticity models we predict that the difference in the work harden-
ing behavior due to geometrically necessary dislocation densities reveals itself in 
significant differences in the remaining imprint topology. This opens a new way 
for the direct validation of non-local plasticity models, also known as strain-gra-
dient models, with experiment. A major challenge currently faced when applying 
physically sound non-local plasticity models based on the evolution of dislocation 
densities is the high numerical effort to solve the underlying equations. Further 
advancement and a broader applicability of such models require new formulations 
that increase the numerical efficiency without introducing too many simplifica-
tions. Potentially an efficient parallelization strategy for continuum mechanical 
methods is also a suited way for overcoming current numerical limitations.

While the methods on the atomic scale and the macroscale have reached a cer-
tain maturity, the mesoscale methods, where plasticity is described on the basis 
of dislocation generation and motion, still deserve more attention. The mesoscale 
is particularly important to fully understand the competition of the deformation 
mechanisms that are responsible for effects, like pop-in behavior and indentation 
size effects. Open questions are for example what determines the magnitude of 
the pop-in and how this information can be related to microstructural quantities. 
Furthermore, it will be interesting to study the influence of the indentation size 
effect on the imprint topology, which has a direct impact on inverse methods to 



319Multiscale Modeling of Nanoindentation

determine material parameters from shallow nanoindentations. From such studies 
further understanding can be expected that will render nanomechanical methods 
into efficient tools to characterize true material behavior.
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Abstract This chapter describes the large-displacement indentation test method 
for examining elastic–plastic behaviors of vertically aligned carbon nanotube 
arrays (VA-CNTs). The principle of this test is explained by using a cavity expan-
sion model. The experiments have been performed on VA-CNTs synthesized by 
the chemical vapor deposition (CVD) method. Under a cylindrical, flat indenter, 
the VA-CNTs exhibit two distinct deformation stages: a short, elastic deformation 
at small displacement and a plateau-like, plastic deformation at large displace-
ment. The critical indentation stress, a measure of yield stress or collapsing stress 
of the VA-CNT arrays, has been obtained. The deformation mechanism of the 
VA-CNTs at large displacement is revealed with scanning electronic microscope 
(SEM) images of the deformed VA-CNTs and finite element simulations.

1  Introduction

Carbon nanotube (CNT) is a new class of material that is discovered during the late 
1990s by Iijima (1991). In its simplest form carbon nanotube may be understood as 
a molecule with atoms connected by c–c bonds in a hexagonal ring structure pat-
tern. An individual CNT may be visualized as having formed from a graphene sheet 
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with atoms that are interconnected with bonds in hexagonal chains and upon roll-
ing this sheet forms a tube structure. Based on their directions of rolling vectors, 
the CNTs are classified into three types: (1) arm chair, (2) zigzag, and (3) chiral. 
Like diamond, carbon nanotube is also allotrope of carbon and thus has excep-
tional mechanical, electrical, and thermal properties. The CNT is believed to have a 
Young’s modulus up to 1 TPa and can have 100 times strength of steel at one-sixth 
the weight (Treacy et al. 1996; Krishnan et al. 1998; Wong et al. 1997). The cur-
rent carrying capacity of the CNT can be as high as 4 × 109 A/cm2, which is 1,000 
times greater than that of copper (Dresselhaus et al. 2001; Hong and Myung 2007). 
The electron mobility of the CNT is 100,000 cm2/V/s, as compared to silicon hav-
ing 1,400 cm2/V/s, thus has superior electrical conductivity (Hone et al. 1999; Yao 
et al. 2000). The CNT also has very high thermal conductivity: 3,500 W/m/K, as 
against 385 W/m/K for copper (Biercuk et al. 2002; Pop et al. 2006).

From practical application point of view, it is highly desirable to produce carbon 
nanotubes in large scales. This has resulted in a new form of carbon nanotube mate-
rial: the vertically aligned carbon nanotube arrays (VA-CNTs). VA-CNTs was prob-
ably first grown by Terrones et al. (1997). Since then, various techniques have been 
used to synthesize these materials. Among them, the chemical vapor deposition, 
CVD, appears to be the most promising method for producing large-scale VA-CNT 
arrays (Ishigami et al. 2008; Bajpai et al. 2004; Chen et al. 2010). The VA-CNTs so 
grown can have the size as large as several square centimeters and the height as tall 
as several millimeters. Since the VA-CNTs can be readily integrated (grown) onto 
various substrates and devices, they have found a wide range of applications in areas 
such as the electrical interconnects (Kreupl et al. 2002), thermal interfaces (Cola 
2009), energy dissipation devices (Liu et al. 2008), and microelectronic devices (Fan 
et al. 1999). VA-CNTs can also be grown on non-planar substrates, i.e., the rounded 
carbon fibers. VA-CNTs on carbon fibers have had significant potentials in aerospace 
and space applications. They have added multi-functionality to traditional compos-
ites (Baur and Silverman 2007; Ci et al. 2008; Zhang et al. 2009), improved the 
fiber-matrix interface strength (Sager et al. 2009; Patton et al. 2009), and used as 
flow or pressure sensors on micro air vehicles (MAVs) (Zhang et al. 2010).

The mechanical properties and deformation behaviors of the VA-CNTs have been 
investigated lately, mostly through the conventional nanoindentation test (Qi et al. 
2003; Mesarovic et al. 2007; McCarter et al. 2006; Pathak et al. 2009; Patton et al. 
2009). The conventional nanoindentation test is a technique for measuring mechanical 
properties of materials and structures in small dimensions. The depth of the inden-
tation is typically small (a few nanometers or microns) and therefore the test is pri-
marily used for measuring elastic properties of materials and structures. To measure 
the elastic response of the VA-CNTs, an indenter of either three-face pyramidal shape 
(Berkovich indenter) or parabolic shape (spherical indenter) has been used to com-
press the specimen and then withdrawn from it. The indentation load-depth curves are 
obtained and then analyzed following the standard Oliver-Pharr method (Oliver and 
Pharr 1992). The modulus and hardness of the VA-CNT arrays have been obtained.

This chapter reports the use of large-displacement indentation test to meas-
ure the elastic–plastic properties of the VA-CNT arrays. With small displacement 
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actuators, most conventional nanoindenters cannot be easily used to conduct tests 
to large displacements. Conventional nanoindenters have also been limited to the 
examination of load–displacement responses rather than the real-time observations 
of deformation during indentation. The present large displacement experiments 
are conducted with an in situ nanoindenter equipped inside the chamber of a scan-
ning electronic microscope (SEM). The technique can thus reveal both quantita-
tive information (load–displacement) and phenomenological behaviors of the CNT 
arrays. Cylindrical, flat tip geometry is chosen for the indenter since the stress anal-
ysis under a tip of this form has been well established (Sneddon 1946; Barquins 
and Maugis 1982). Compared to indenters of three-face pyramidal and parabolic 
shapes, the contact area of a cylindrical flat indenter does not change with displace-
ment, and the extent of the stress field scales with the diameter of the indenter.

2  Principle of Large-Displacement Indentation Test

The large-displacement indentation test can be schematically described as shown 
in Fig. 1. As an indenter is pushed into the material, a deformation zone is devel-
oped surrounding the indenter. The overall process resembles to the opening of a 
cavity in a solid and the stress required to open such a cavity can be estimated. For 
blunt indenters (as opposed to sharp indenters), the cavity is typically assumed to 
be in cylindrical shape.

The cavity starts with an initial radius ao, and opens to a final radius a, equal to 
the radius of the indenter. The opening of such a cavity also expands a surround-
ing plastic zone from an initial radius ro to a final radius c. The radical strain in the 
cylindrical polar coordinates (z, r, θ) is (Eq. 1)

Let σr, σθ be the radial and tangential stresses in the cylindrical polar coordi-
nates. For a general elastic–plastic solid, the constitutive relationship between true 
stress σ and true strain ε in rectangular coordinates can be described by Eq. 2:

where σy is the yield stress of the material. So, the stress–strain relation becomes 
(Eq. 3)

Integrating the condition of the equilibrium, namely (Eq. 4)
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throughout the plastic region from a to r, we obtain for the pressure P on the 
boundary of the hollow cylinder (the value of (−σr) at that point) (Eq. 5)

The above equation indicates that there exists a cavitation limit Pm as  
a/ao → ∞. An example solution of Eq. 5 is shown in Fig. 2, as calculated by using 
a typical yield strain of εy = 0.1 and a typical strain harden coefficient n = 1.2 for 
a general elastic–plastic solid. It is seen that the ratio of Pm/σy reaches a constant 
once the indenter is fully compressed into the material. The magnitude of the ratio 
is bounded between 1 and 3, varying with the type of the materials.

Clearly, the above equation is similar to the broadly applicable empirical rela-
tionship suggested by Tabor (1996) (Eq. 6):

(5)
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Fig. 1  Schematic diagrams 
showing the large-
displacement indentation test. 
a Front view, b Top view
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where C is called the constraint factor.
Both theoretical analysis (Eq. 5) and empirical analysis (Eq. 6) show that the 

critical indentation stress (Pm) is proportional to the uniaxial yield stress (σy) for an 
elastic–plastic material. In general, the critical indentation stress beneath an indenter 
is greater than the uniaxial compressive yield stress of the material because of the 
confining pressure generated by the surrounding elastically strained material in the 
indentation stress field. For ductile metals, a value of C ≈ 3 is generally considered 
to be appropriate (Tabor 1996; Johnson 1985). For soft polymers, the value of C 
becomes smaller (Wright et al. 1992; Lu and Shinozaki 1998, 2008; Lu et al. 2008). 
For foam-like materials, the value of C generally approaches to unity, i.e., C ≈ 1 
(Wilsea et al. 1975; Olurin et al. 2000; Flores-Johnson and Li 2010).

The critical indentation stress (Pm) can be determined experimentally through 
the large-displacement indentation test. As illustrated in Fig. 1, when a cylindrical 
indenter of radius a is pressed onto a specimen, the total load (Ltotal) applied to the 
indenter is (Eq. 7)

where La is the axial load acting on the indenter end face and Lf the frictional load 
acting on the indenter side wall. The mean indentation pressure (Pm) acting on the 
indenter end is simply expressed as Eq. 8a

(6)
Pm

σy

= C

(7)Ltotal = La + Lf

Fig. 2  Prediction of the 
critical indentation stress 
from the cavity model. The 
calculation is obtained by 
using a typical yield strain of 
εy = 0.1 and a typical strain 
harden coefficient n = 1.2 for 
a general elastic–plastic solid
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The frictional load (Lf) on the indenter side wall is defined by Eq. 8b

where τ is the frictional shear stress and hc the contact depth. Assume that the fric-
tional stress is constant on the indenter wall, then the frictional load (Lf) should 
increase linearly with indentation depth, since the lateral surface area in contact 
with the material (2πahc) increases almost linearly.

Substituting Eqs. 8a and 8b into Eq. 7 yields Eq. 9:

The above equation shows that there exist a linear relationship between indentation 
stress and normalized displacement at large displacements. The critical indentation 
stress, Pm, can be determined simply by extrapolating the indentation stress-displace-
ment curve back to zero displacement (d = 0), where the frictional load (Lf) vanishes.

The large-displacement indentation test has been a proved method for measur-
ing the plastic properties of materials and structures in small volumes, including 
metals (Riccardi and Montanari 2004; Lu et al. 2008), isotropic polymers (Wright 
et al. 1992; Lu and Shinozaki 1998, 2008; Lu et al. 2008), and oriented polymers 
(Lo et al. 2005; Shinozaki et al. 2008).

3  VA-CNTs Preparations

The present VA-CNTs were synthesized by low pressure chemical vapor deposition 
of acetylene on planar substrates (SiO2/Si wafers). A 10 nm thick Al layer was first 
coated on the wafers before the deposition of 3 nm Fe film in order to enhance the 
attachment of grown nanotubes on the silicon substrates. The catalyst coated sub-
strate was then inserted into the quartz tube furnace and remained at 750 °C in air for 
10 min, followed by pumping the furnace chamber to a pressure less than 10 m Torr. 
Thereafter, the growth of the CNT arrays was achieved by flowing a mixture gases of 
48 % Ar, 28 % H2, 24 % C2H2 at 750 °C under 10 ~ 100 Torr for 10–20 min.

The microstructure of the carbon nanotube samples have been examined using 
a field emission Hatachi S800 scanning electron microscope, as shown in Fig. 3. 
Results show that the VA-CNTs are multiwalled (2–3 walls) carbon nanotubes and 
have a narrow uniform diameter distribution between 10 and 20 nm. By count-
ing the numbers of the carbon nanotubes on the substrate, the areal density of 
the VA-CNT arrays can be estimated as: ρ = 1010 ~ 1011 tubes/cm2. The lengths 
of the VA-CNTs are in the range of a few hundred to several thousand microns, 
as achieved by controlling the deposition time and pressure. It is found that the 
VA-CNT arrays can adhere strongly to the growth silicon substrate, with a meas-
ured pull force up to 150 N/cm2 (Qu et al. 2008).

(8a)Pm = La/πa
2

(8b)Lf = 2πahcτ

(9)
Ltotal

πa2
= Pm +

2d

a
τ
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4  Large-Displacement Indentation Test on VA-CNTs

The large-displacement indentation tests were conducted with a custom designed 
in situ nanoindenter equipped inside the SEM (FEI Sirion). The indenter used was 
a 100 μm diameter flat-faced cylinder, with a polished contact face. The cylindri-
cal indenter was attached to a strain-gage based load cell, which was connected 

Fig. 3  SEM images showing 
the morphology of the side 
surface of the vertically-
aligned carbon nanotube 
arrays (t ≈ 210 μm). The 
order of magnification 
increases from (a) to (c)
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in series to a piezoelectric actuator. The piezoelectric actuator provided displace-
ment control with sub-nanometer resolution. Resultant forces were measured 
through the load cell. The VA-CNT array samples were positioned on a piezoe-
lectric positioning stage, which provided x-y-z movements with nanometer-scale 
resolution and with zero back-lash. The entire nanoindenter device is measured as 
50 mm (width) × 50 mm (height) × 150 mm (length) and thus fits well inside 
the SEM chamber without disturbing the SEM’s function. Instrumentation control 
and data acquisition were achieved by using the Labview software from National 
Instrument (NI).

During the test, specimens were incrementally loaded at a rate of 100 nm/sec 
and high resolution SEM images were acquired between displacement intervals. 
Load and displacement data were recorded and used to compute the indenta-
tion stress and strain. The scan images can be analyzed individually and further 
stitched together to produce videos and synchronized to correlate load and dis-
placement data to the observed deformation phenomena.

5  Results and Discussion

5.1  Indentation Stress-Displacement Curves of CNT Arrays

The large displacement deformation of the VA-CNTs has been recently examined 
through the axial, micro-compression test (Cao et al. 2005; Hutchens et al. 2010; 
Maschmann et al. 2011). The CNT arrays are found to behave as an open-cell 
foam-like material. The stress–strain curve displays three distinct stages: a short 
elastic region, followed by a prolonged plateau region, and finally a densification 
region. Under compression, the CNT arrays folded themselves in wavelike pattern. 
The wavelike folding has been observed to initiate mostly at the bottom of the 
CNT arrays and then to propagate towards the top.

Micro-compression test often requires special sample preparation technique. 
For example, the photolithography method has been used to prepare small, cylin-
drical CNT pillars to be fitted at the testing platens (Hutchens et al. 2010). Here 
we examine the deformation behaviors of the VA-CNT arrays by conducting large-
displacement indentation test directly on the as-grown samples. For this type of 
test, the size (heights) of the specimens has to be chosen carefully to avoid the 
influence of rigid substrates from underneath. The problem of a flat punch indent-
ing an isotropic elastic half-space has been solved by Sneddon (Sneddon 1946; 
Barquins and Maugis 1982). It is found that the stress field beneath a cylindrical, 
flat indenter is typically confined within one indenter diameter. Given the size of 
current indenter (2a = 100 μm), VA-CNT specimens with heights greater than 
100 μm were used for the experiments.

Figures 4 and 5 show the indentation stress-displacement curves of two verti-
cally aligned carbon nanotube arrays, with height equal to approximately 210 and 
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1,100 μm, respectively. Results reveal that the material initially deforms elasti-
cally with the applied load on the indenter, and yields at some point as the applied 
load is increased. The plastic deformation field and consequently the stress field 
progressively change with displacement, until some steady state is achieved. The 
indentation of elastic–plastic solids has gained considerable attention recently, 
with the purpose of determining the plastic characteristics of the materials such 
as yield strength, work hardening rate, etc. Most of the work involves the uses 
of indenters of parabolic shapes, i.e., spherical and conical indenters (Mesarovic 
and Fleck 1987; Park and Pharr 2004). The present test has chosen a cylindrical, 
flat indenter. The chief advantage of this type of indenter is that the contact area 
remains constant during indentation; therefore the applied stress measured by the 
indenter at the steady state is constant. This allows the measurement of steady 
state deformation under the indenter, as indicated by the linear stress-displacement 
response at large displacements (Figs. 4 and 5).

Fig. 4  Indentation stress-
displacement curves 
of a vertically aligned 
carbon nanotube arrays 
(height ≈ 210 μm) with 
cylindrical, flat-faced 
indenter

Fig. 5  Indentation stress-
displacement curves 
of a vertically aligned 
carbon nanotube arrays 
(height ≈ 1,100 μm) with 
cylindrical, flat-faced 
indenter
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The plateau region indicates the plastic collapses of carbon nanotubes beneath the 
indenter face. Such collapse allows the strain increase while the stress stays approxi-
mately constant. A series of “load-drops” in the plateau regions is observed, which 
corresponds to the folding of additional carbon nanotubes. If further penetration is 
permitted until all folding is completed, a third region would appear: the densifica-
tion region. In that region, the folding of all nanotubes under the indenter face has 
been completed and the compression of the folded/collapsed materials has started. As 
a result, the stress would start to rise sharply. Alternatively, the densification response 
can be observed by indenting a shorter specimen. Overall, the stress-displacement 
response of the VA-CNT arrays is identical to those reported on open-cell, low-den-
sity foams (Wilsea et al. 1975; Olurin et al. 2000; Flores-Johnson and Li 2010).

5.2  Critical Indentation Stress (Pm) of CNT Arrays

Following Eq. 9, the critical indentation stress, Pm, is determined by extrapolating 
the large-strain indentation stress-displacement curve back to zero displacement 
(d = 0), where Pm is the intercept. The magnitude of Pm so obtained for the pre-
sent CNT arrays is approximately 0.56 MPa, from Figs. 4 and 5.

The same VA-CNT arrays have been tested under uniaxial compression using 
the same in situ testing apparatus and the yield strength has been determined: 
σy ≈ 0.50 MPa (Lu et al. 2012). A comparison with the indentation test shows that the 
critical value of the indentation stress (Pm) is very close to the uniaxial yield stress (σy) 
for the VA-CNT arrays: Pm/σy ≈ 1.12. This is because the foam-like CNT arrays has a 
nearly zero plastic Poisson’s ratio (the ratio of transverse to longitudinal plastic strain 
under compression). Therefore, the large indentation has resulted in very little lateral 
spreading of the CNT fibers under the indenter and the constraint factor becomes unity.

For the present CNT arrays, the slopes of stress-displacement at large displace-
ments are almost zero (Figs. 4 and 5), indicating that the friction shear stress (τ) 
acting on the indenter wall due to the elastic compression from surrounding nano-
tubes is negligible. Therefore, the interfacial friction between the CNT and the 
indenter side-wall is very small, which is constant with the finding reported by 
Tu et al. (2003, 2004).

5.3  Large Displacement Deformation Phenomenology

The indentation test is performed on an in situ nanoindenter that is equipped inside 
the chamber of a SEM, and thus allows for real-time observation and video record-
ing of the deformation process while the CNT arrays are compressed. To view of 
the deformation process, the in situ nanoindentation was performed at the edge of 
the CNT array specimen. Figure 6 shows the large displacement phenomenology 
of a CNT arrays (t ≈ 1,100 μm) at various indentation stages.
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The early stage of penetration is dominated by the elastic deformation, as rev-
eled by larger slopes in the load–displacement curves (Figs. 4, 5). Larger slopes 

Fig. 6  SEM images showing 
the development of plastic 
deformation in the vertically 
aligned carbon nanotube 
arrays (height ≈ 1,100 
μm) under a cylindrical flat 
indenter
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indicate that the CNT materials have greater stiffness initially. Further penetra-
tion of the indenter results in the plastic collapse of the carbon nanotubes beneath 
the indenter head (Fig. 6). The measured stiffness thus decreases with increasing 
depth of indentation. Observations show that the plastic collapse of the nanotube 
arrays is limited in extent to the zone directly underneath the indenter face where 
the shear stress is large. The size of this collapsing zone is much smaller as com-
pared to the larger, hemispherical shaped plastic zones occurred on dense, solid 
materials, such as polycarbonate (Wright et al. 1992) and polyethylene (Lu and 
Shinozaki 1998). The nanotubes outside the collapsing zone are seen to exhibit no 
fracture or tearing.

The series of load-drops in the stress-displacement curves are results of con-
tinuous collapsing of nanotubes as the indenter tip moves. The force required for 
crushing additional nanotubes is relatively small (because its volume is a small 
fraction of the material under load), so the measurement of the stress associated 
with the buckling movement are small. Therefore, the total stress at the large strain 
region has stayed relatively constant.

To better understand the deformation mechanism, the stress/strain fields of the 
VA-CNTs during indentation were analyzed by using the finite element method. 
Commercial nonlinear finite element (FE) code ABAQUS was used (ABAQUS 
2010). The CNT specimen was modeled with second order, 8-node axisymmet-
ric elements to handle the potential large distortion of the elements occurred dur-
ing large indentation. The indenter was assumed undeformable and thus modeled 
with rigid surfaces. The contact between specimen and indenter was treated as 
frictionless. The CNT arrays were treated as open-cell, foam-like materials and 
the crushable foam plasticity model was used (Deshpande and Fleck 2000). For 
comparative purpose, the indentation process of a dense, solid polymer was also 
modeled. The solid polymer was treated as a power-law work-hardening, elastic–
plastic solid, as described in detail elsewhere (Lu and Shinozaki 2008).

Figures 7 and 8 show the contours of the 1st principle stress (σ1) for foam-like 
VA-CNTs and dense polymer, respectively. σ1 is defined by

σ1 = σr+σz

2
+

[
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σr−σz

2

)2 + τ
2
rz

]1/2

 and σr, σz, and τrz are the radial, normal and shear 

stresses in the cylindrical polar coordinates. Figures 9 and 10 show the contours of 
the equivalent plastic strain (εeq) for foam-like VA-CNTs and dense polymer, respec-
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 and ε1, ε2, ε3, are the principal 

strains. For εeq > 0, the material has plastically deformed.
It is observed that the stress field and deformation process of VA-CNT arrays 

under compression are distinctly different from those of solid polymers. For a 
dense, solid polymer, the distribution of the stress (σ1) under the flat indenter is 
in a hemispherical shape. The size (elastic–plastic boundary) of the stress field 
approximates the diameter of the indenter (2a), as illustrated by the cavity model 
described earlier. In contrast, the stress field (σ1) for the foam-like VA-CNT arrays 
under the flat indenter is much smaller. The stress is primarily concentrated right 
beneath the indenter face and does not get extended to far field.
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The large-displacement indentation process can be understood by the progres-
sive developments of equivalent plastic strain (εeq). For a dense, solid polymer, the 
initial inelastic deformation starts near the corners of the indenter. As the depth 
of indentation increases, the deformed zone increases in size. After a depth of 
approximately half to one indenter diameter, the deformation zone becomes fully 
developed surrounding the indenter and then remains relatively constant in size. 
The diameter of the deformed zone is about twice the diameter of the indenter, 
again in consistence with the cavitation model. It is also seen that a conical zone 
directly ahead of the flat indenter tip shows little deformation. However, for the 
foam-like VA-CNT arrays, the equivalent plastic strain (εeq) is distributed right 
beneath the indenter face. The shape of this plastic zone is much narrower, as 
opposed to a larger, hemispherical zone occurred in the dense, solid polymers. The 

Fig. 7  Contour of 1st principle stress in the vertically aligned carbon nanotube arrays under a flat 
indenter. The material is treated as an open-cell foam-like material

Fig. 8  Contour of 1st principle stress in a dense, solid material under a flat indenter. The material 
is treated as a power-law work hardening, elastic–plastic solid
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simulated deformation is consistent with the experimental observations (Fig. 6). 
Overall results confirm that the VA-CNTs behave like low-density foams and the 
crushable foam plasticity model is appropriate for modeling such materials.

6  Concluding Remarks

We have demonstrated that the large-displacement indentation test is an effective 
tool for measuring the elastic–plastic properties of the vertically aligned carbon 
nanotube arrays (VA-CNTs). The large displacement indentation under a cylin-
drical, flat indenter has been analyzed by modeling the opening of a cavity in a 
solid, from which a critical indentation stress (Pm) can be predicted. The experi-
ments have been conducted on an in-situ indentation apparatus inside a SEM. 
Results show that the VA-CNTs exhibit a transient elastic deformation at small 

Fig. 9  Contour of equivalent 
plastic strain in vertically 
aligned carbon nanotube 
arrays during large-
displacement indentation. 
The material is treated as an 
open-cell foam-like material
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displacement and then steady sate plastic deformation at large displacement. The 
critical indentation stress (Pm) can be extrapolated from the indentation stress- 
displacement curves. The magnitude of Pm is a measure of the yield stress or col-
lapsing stress of CNT arrays. The large-displacement indentation has also revealed 
the deformation mechanism of the VA-CNTs. Under the cylindrical, flat indenter, 
the nanotube cells collapsed plastically immediately beneath the indenter, a region 
of the highest stress/strain. Both experiment results and finite element simulations 
have shown that the sizes of stress/strain zones are much smaller in foam-like 
VA-CNTs, as opposed to much larger, hemispherical stress/strain zones observed 
in the dense, solid polymers.
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