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Growth of Na17. Growth of Nanomaterials
by Screw Dislocation

Fei Meng, Stephen A. Morin, Song Jin

Controlling the morphology of nanomaterials
is important for their fundamental study and
practical application. Especially one-dimensional
nanowires, nanorods, and nanotubes and two-
dimensional nanoplates possess interesting
physical and chemical properties due to their
structural anisotropy. The key to obtaining these
morphologies is to break the symmetry of crys-
tal growth to promote anisotropic growth. In this
chapter we discuss the catalyst- and template-free
screw-dislocation-driven nanomaterial growth
mechanism, in which an axial screw dislocation
creates self-perpetuating growth steps upon in-
tersecting with the crystal surface and enables
anisotropic crystal growth under low super-
saturation conditions. The presence of screw
dislocations not only alters the growth kinetics
of nanomaterials, but also distorts the crystal lat-
tice and generates a strain field, both of which
lead to morphology variation of the nanoma-
terials. The structural characteristics associated
with dislocation-driven growth can be readily
detected using transmission electron microscopy
techniques. A review is presented on a wide range
of nanomaterials formed under various condi-
tions whose growth has been confirmed to be
driven by screw dislocations, demonstrating the
generality of this mechanism. A framework for
rationally synthesizing anisotropic nanomateri-
als via dislocation-driven growth is provided. This
will enable large-scale, low-cost production of
nanomaterials for various applications.
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One of the major goals in nanoscience and nanotech-
nology is to synthesize nanoscale building blocks of
arbitrary dimensions, morphologies, and materials with
increasing complexity from the bottom up. Anisotropic

nanomaterials have already found many applications
and are therefore of great interest; For example,
one-dimensional (1-D) nanowires (NWs), nanorods
(NRs), and nanotubes (NTs) and two-dimensional
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(2-D) nanoplates have shown new fundamental phys-
ical properties and demonstrated promising utility in
nanoelectronics, nanophotonics, solar energy conver-
sion, thermoelectricity, electrochemical energy storage,
and chemical and biological sensing [17.1–9]. The fun-
damental understanding of the growth of anisotropic
nanomaterials is critically important for developing ra-
tional and controllable synthesis to yield nanoscale
morphologies suited for specific applications.

Several common mechanisms or methods have
been established to explain bottom-up anisotropic NW
growth or enable fabrication of 1-D nanomaterials.
The vapor–liquid–solid (VLS) [17.10, 11] mechanism
and other analogous catalyst-driven mechanisms, such
as solution–liquid–solid (SLS) [17.12, 13] and vapor–
solid–solid (VSS) [17.14] growth, have been the most
commonly used methods for synthesis of NWs. In
VLS (or SLS) growth, a nanoscale liquid droplet is
formed between a nanoparticle metal catalyst and the
desired precursor species due to eutectic phase behav-
ior, and further supersaturation of the precursor leads
to precipitation and growth of crystalline NW mater-
ial from the catalyst. Use of 1-D templates such as
anodic aluminum oxide (AAO) is another common
way to confine the growth of nanomaterials to achieve
1-D growth [17.15]. The oriented attachment mech-
anism can also result in the formation of thin
1-D NWs in solution via the assembly of zero-
dimensional (0-D) nanocrystals, as recently confirmed
using the in situ transmission electron microscopy

(TEM) technique [17.16, 17]. From the perspec-
tive of crystal growth, the challenge of growing
anisotropic nanomaterials, including 1-D NW mater-
ials, is to break the symmetry of crystal growth to
ensure that crystals grow in a highly anisotropic fash-
ion instead of forming bulk crystals with polyhedral
shapes.

In this chapter, we discuss the screw-dislocation-
driven mechanism for growth of anisotropic nano-
materials, in which axial screw dislocations provide
self-perpetuating steps and break the symmetry of crys-
tal growth. The key is to manipulate the kinetics of
crystal growth and enable the formation of anisotropic
crystals instead of polyhedral-shaped crystals or thin
films [17.18–20]. The presence of the axial screw dis-
locations and the consequent strain field introduces
unique characteristics to the dislocation-driven nano-
material, including macroscopic growth kinetics and
variations in nanostructure morphologies, which are
explained next. We then introduce the technique to char-
acterize these features in nanoobjects to confirm the
growth mechanism. The generality of this mechanism
is demonstrated by a survey of a wide range of different
nanomaterials whose growth has been confirmed to be
driven by screw dislocations. The general rule of de-
sign is then summarized to provide a framework for
rationally synthesizing anisotropic nanomaterials via
dislocation-driven growth, which may eventually en-
able large-scale, low-cost production of nanomaterials
for various practical applications.

17.1 Classical Crystal Growth Theories

Since the key to successful anisotropic growth is con-
trolling the kinetics of crystal growth and breaking the
symmetry of crystal growth, we first review the funda-
mental kinetics of crystal growth processes [17.21].

17.1.1 Layer-By-Layer Crystal Growth

Layer-by-layer (LBL) crystal growth is the most in-
tuitive mechanism for the formation of the extended
periodic crystal structure of solids. However, due to the
high energy barriers required to nucleate new layers of
atoms which create step edges that facilitate the addition
of more atoms (Fig. 17.1), LBL crystal growth theory
predicts that much higher concentrations of gas-phase
or liquid-phase precursors than the equilibrium con-

centration are necessary to enable a reasonable crystal
growth rate. In other words, LBL growth requires high
supersaturation. The supersaturation σ of the system is
defined by (17.1) [17.21]

σ = ln(c/c′) , (17.1)

where c is the precursor concentration and c′ is the
equilibrium concentration.

Study on the kinetics of LBL growth reveals that it
has an exponential growth rate (RLBL),

RLBL = J0l2β ∝ e(−gn/kT )l2β , (17.2)

where J0 is the rate of 2-D nucleation, l is the length
of the facet (assuming a square growth facet), β is
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a) b)

Fig. 17.1a,b Schematic illustration of the layer-by-layer
crystal growth mechanism. (a) A 2-D island is nucleated
and spreads to cover the active growth facet. (b) Once the
first layer is completed, a new island (cluster of brown
cubes) is nucleated on the first layer and the growth of
a new layer begins

the step height, k is the Boltzmann constant, T is
the temperature, and gn is the energy barrier to 2-D
nucleation, which is inversely proportional to supersat-
uration [17.21]. These expressions illustrate that LBL
growth requires the formation of 2-D nuclei by over-
coming the energy barrier gn.

The prevailing catalyst-driven mechanisms, such as
VLS [17.10,11], SLS [17.12,13], and VSS [17.14], that
explain the 1-D anisotropic growth of NWs are funda-
mentally still LBL growth, but mediated by the catalyst
droplets at the catalyst–solid interface [17.22, 23]. The
nucleation barrier for LBL growth is lowered by the
presence of the catalyst relative to the respective inter-
face on the side-wall; therefore, the crystal growth is
much faster at this interface. In this way, the symme-
try of the crystal growth is broken and 1-D anisotropic
crystal growth can proceed.

17.1.2 Screw-Dislocation-Driven
Crystal Growth

Experimental observations reveal that crystal growth
can actually happen under moderate supersaturation,
contradicting the prediction of LBL growth theory.
Frank [17.24, 25] solved this conflict by pointing out
that crystals often have imperfections such as screw
dislocation line defects [17.26, 27], which upon in-
tersection with a crystal surface would make steps
that propagate as spirals and thus become an end-
less source of crystal steps (Fig. 17.2). This theoretical
model, known as the Burton–Cabrera–Frank (BCF)
theory [17.24], successfully explains the observed
growth rates of crystals under moderate and low super-
saturation. Such surface dislocation spirals have been
observed in many materials [17.28], and the dislocation-
driven growth mechanism has become a cornerstone of
crystal growth theory.

BCF theory predicts a dislocation growth rate
(Rdislocation) that is linearly dependent on super-

a) b)

c) d)

Fig. 17.2a–d Illustration of screw dislocation growth spi-
rals. (a–d) Schematic illustration of a screw dislocation
spiral propagating new step edges as the crystal grows
(after [17.21])

σ* σ**

Growth rate R

Supersaturation

Dislocation DendriticLBL

Fig. 17.3 Schematic illustration of crystal growth mecha-
nism as a function of supersaturation. As the supersatura-
tion increases, the dislocation, LBL, and dendritic growth
mechanisms progressively dominate (after [17.20])

saturation

Rdislocation = Cσ , (17.3)

where C is a rate constant that depends on the maximum
possible flux of monomers to the crystal surface via dif-
fusion through the stagnant layer. This growth kinetics
of the dislocation-driven mechanism is a characteristic
feature that can distinguish it from other growth modes.

According to classical crystal growth theory, the
growth mechanism of a crystal depends on the super-
saturation. As schematically illustrated in Fig. 17.3, at
low supersaturation the dislocation-driven spiral growth
mechanism is followed; at intermediate supersaturation
the LBL growth mechanism is followed; at high super-
saturation the dendritic growth mechanism is followed.
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These different growth regimes are separated by two
characteristic supersaturations, namely σ∗ and σ∗∗, at
which the growth rate of the next mechanism overtakes
the previous one (Fig. 17.3). In the context of current
studies which focus on well-faceted single-crystalline
nanomaterials, the dislocation growth and LBL growth
mechanisms are the most relevant and are the topics of
the following discussion.

These crystal growth theories are applicable to
growth of any crystals, whether formed from the va-
por phase, solution phase, or even the melt, and forming
bulk single crystals, thin films, or nanoscale solids.
Therefore, understanding how to manipulate the crystal
growth kinetics to differentiate the growth rates along
different directions is the key for enabling anisotropic
nanomaterial growth.

17.2 Theories for Screw-Dislocation-Driven Growth of Nanomaterials

Screw dislocation has been proven to be responsible
for both 1-D and 2-D crystal growth. The essence
of screw-dislocation-driven nanomaterial growth, es-
pecially nanowire growth, is that, under appropriate
low supersaturation conditions that favor dislocation-
driven growth over LBL growth, crystal growth occurs
more rapidly at the dislocation spirals along the ax-
ial direction whereas radial dimension expansion via
the LBL mode is prohibited (Fig. 17.4a). In this way,
the symmetry of the crystal growth is broken and
highly anisotropic crystal growth is enabled by the self-
perpetuating steps of screw dislocations.

The basic idea that screw dislocations can drive
anisotropic growth of 1-D crystals was in fact proposed
and discussed in the 1950s by Sears [17.29–32]. In-
direct evidence such as lattice twist within whiskers
was observed, suggesting the presence of axial screw
dislocations [17.33, 34]. Decoration of axial disloca-
tions in whiskers of alkali halides was first observed
in 1958 [17.35]. Direct observation and identification

a) b)

R
b

αUnit l
ength

Fig. 17.4a,b Illustrations of screw-dislocation-driven NW
growth and the associated Eshelby twist. (a) A screw dis-
location drives 1-D growth at low supersaturation, where
LBL growth is prohibited (after [17.19]); (b) Eshelby twist
(after [17.18])

of screw dislocations in whiskers using electron mi-
croscopy was not reported until 1965, in single-crystal
whiskers of aluminum nitride [17.36, 37], and later
chalcotrichite (Cu2O) [17.38]. In the modern literature,
observation and confirmation of dislocation-driven NW
growth was first reported in NW trees of PbS [17.18,39]
and PbSe [17.40]. In these fascinating tree-like struc-
tures, growth of the trunk is driven by screw dislocations
whereas the branches are grown by the more traditional
VLS NW growth mechanism.

17.2.1 Eshelby Twist

A screw dislocation disrupts the perfect periodicity
within the crystal lattice and thereby causes a strain en-
ergy per unit length E that is quadratically dependent
on the magnitude of the dislocation Burgers vector b,
i. e.,

E = b2μ

4π

R∫

r0

dr

r
= b2μ

4π
ln

(
R

r0

)
, (17.4)

where μ is the shear modulus, R is the radius of the
cylinder containing the dislocation, and r is the core ra-
dius of the dislocation. This stress field exerts a torque
at the free ends of the rod, resulting in a twist of the rod
along the axial direction (Fig. 17.4b) [17.26,41], known
as the Eshelby twist, which in turn serves as evidence of
the dislocation-driven growth mechanism. This Eshelby
twist is mathematically expressed as

α = b

π R2
, (17.5)

where α is the twist of the lattice in radians per
unit length. Attempts to observe the Eshelby twist in
micrometer-scale whiskers were made in the late 1950s,
but the results were often inconclusive [17.34, 42]. Be-
cause of the 1/R2 dependence, the Eshelby twist is
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Fig. 17.5a–d Two pathways to relieve the strain energy and the estimation of b in ZnO NTs: (a) Schematic illustration
of screw-dislocation-driven formation of a hollow NT. (b) High-resolution transmission electron microscopy (HRTEM)
image of the tip of a ZnO NT in which the critical parameters R, r, and b can be directly measured. (c) Calculated three-
dimensional (3-D) energy plot using (17.8) for the ZnO NT shown in (b); the dashed line represents the energy minimum.
(d) Energy-minimized relation for b versus r/R by explicitly solving (17.8) along this energy valley for the specific ZnO
NT in (b); the total contribution to b has components due to the hollow inner tube surface energy (red dash-dotted line)
and to the Eshelby twist (blue dotted line) (after [17.20])

more pronounced at the nanoscale compared with in
micrometer-sized whiskers, making it readily observ-
able in NWs and NTs. Particularly in the case of
hyperbranched nanostructures such as PbS and PbSe
nanotrees, overgrowth of epitaxial branching nanowires
allows easy visualization of the twist [17.18, 39, 40].
This allows direct measurement of the Eshelby twist
and a simple estimate of the Burgers vector’s screw
component magnitude. In recent years, more accurate
theoretical calculations of Eshelby twists based on mo-
lecular dynamics have been carried out for thin NW and
NT materials [17.43, 44].

17.2.2 Dislocation-Driven Nanotube
Formation

The formation of single-crystal NTs is a signature of
nanomaterial growth driven by dislocations with large
Burgers vector b (Fig. 17.5a). In the case of a hollow
tube, the elastic energy caused by the dislocation can be
expressed by modifying (17.4) as

E = b2μ

4π
ln

(
R

r

)
, (17.6)

where R and r are the outer and inner tube radii, re-
spectively [17.27]. As b increases, eventually the crystal
contains enough strain energy that it exceeds the energy
cost of creating a new inner surface and the disloca-
tion core becomes hollow. This causes the formation
of micropipes, which are often observed in dislocation-
prone materials such as SiC or GaN and sometimes
termed open-core dislocations [17.45, 46]. In the clas-

sical open-core dislocation model, an energy balance
between the surface energy (2πγr, where γ is the sur-
face energy) and the strain energy from (17.6) (both
per unit length) results in a relationship between r
and b [17.45]

btube =
√

8π2γr

μ
. (17.7)

For NWs reaching this energy threshold, the solid
NW becomes a hollow NT. In other words, the equilib-
rium morphology of 1-D nanomaterials whose growth
is driven by screw dislocations should be hollow NTs
when the Burgers vector is sufficiently large [17.47].
The commonly observed voided NWs [17.47,48] might
be an intermediate stage lying on the threshold, os-
cillating between the solid and hollow conditions due
to small fluctuations in growth environment and NW
thickness that subtly change the energy balance, or
tubes initially formed could partially close up after
synthesis.

Furthermore, forming a hollow core and produc-
ing a torque around the NW axis via the Eshelby twist
mechanism are two competing pathways to alleviate the
strain caused by the screw dislocations. Once the nano-
structure becomes hollow, the overall energy per unit
length E contains three terms: the surface energy of
the hollow inner tube, the lattice strain due to the dis-
location, and the reduction in lattice strain due to the
Eshelby twist

E = 2πγr + μb2

4π
ln

(
R

r

)
− μb2

4π

(R2 − r2)

(R2 + r2)
. (17.8)

Part
C

1
7
.2



644 Part C NanoCeramics

Supersaturation σ
Slope p

Side view

Top view
a) b)

c)

d)

f)e)

vo << vc

vo

vo ≈ vc

Low σ

Low σ

pσ2 =

vo < vc

High σ

Nanowires
or nanotubes

2-D plates

h
h λσ2

λσ2

Nanorods

pσ1 =
h

h λσ1

λσ1

vc

When ZnO nanotubes are used as a model sys-
tem to evaluate (17.8), with the specific values of
surface energy of 0.31 J/m2 and shear modulus of
44.3 GPa [17.49], and the radii of the NT shown in
Fig. 17.5b, a three-dimensional surface plot of (17.8)
constructed for E versus b and r/R (Fig. 17.5b) shows
that there is an energy valley (minimum) associated
with certain optimized r and b values (marked with
a dashed line). The energy-minimized relation be-
tween r and b can be solved by setting the energy
derivative with respect to r to zero,

dE

dr
= 0 → btotal =

√
8π2γr

μ

(
R2 + r2

R2 − r2

)
. (17.9)

The first factor in (17.9) represents the effect from
Frank’s open-core dislocation model in (17.7) [17.45],
while the second factor is the modification due to the
Eshelby twist pathway. The Eshelby twist component
can also be expressed explicitly as the difference be-
tween (17.7) and (17.9),

btwist = btotal −btube =
√

8π2γr

μ

(
R2 + r2

R2 − r2
−1

)
.

(17.10)

This direct relation between the r and b variables along
the energy valley (17.9; dashed line in Fig. 17.5c) con-
tains the contributions to the total energy from the
Eshelby twist and hollow tube components and can

Fig. 17.6a–f A unified scheme illustrating dislocation-
driven growth of various nanomaterial morphologies.
(a) Top view and dramatized side view of an idealized
nanoplate with one screw dislocation with various step ve-
locities at the dislocation core (vc) and the outer edges (vo).
Nanowires or nanotubes (b), nanorods (c), or nanoplates
(d) are achieved when specific step velocity and super-
saturation conditions are met. (e,f) Side views reveal the
relationship between the nanoplate slope p, step height h,
terrace width d, and supersaturation σ (after [17.50]) �

be alternately displayed as a plot of b versus r/R
(Fig. 17.5d). It is clear from Fig. 17.5d that, when r/R
is small, representing the scenario of a thick-walled NT,
the total energy minimization approximates the Frank’s
open-core dislocation model, and most energy is re-
lieved by making the tube hollow; however, at much
larger r/R values, the total energy minimization begins
to follow the Eshelby twist line, indicating that a thin-
walled NT has more significant twist, as creating more
surface becomes energetically unfavorable.

17.2.3 Dislocation-Driven Growth of 2-D
Nanoplates

Screw dislocations can also drive 2-D anisotropic crys-
tal growth. The key herein is to control the crystal
growth step velocities at different positions from the
dislocation core (Fig. 17.6a) [17.51]. In general, the ve-
locity of steps at the core vc should be the same as
those at the outer edges of the dislocation hillocks vo
due to their crystallographic equivalence. However, the
velocity of steps can be affected by environmental fac-
tors such as impurities or mass transport, such that steps
created earlier in growth (thus at the outer edge vo) de-
velop more slowly than newly generated steps closer
to the core of the dislocation (vc), which leads to
two scenarios. When vo is slightly less than vc, newly
generated steps from the dislocation core would very
slowly catch up with those at the outer edge to cre-
ate a step pile-up and thus a step-free facet, which
will lead to low-aspect-ratio NRs or bulk polyhedral
crystals (Fig. 17.6c), particularly when under higher su-
persaturation and if there is significant LBL growth.
Furthermore, if vo is much less than vc, possibly be-
cause the steps at the outer edge have more impurity
pinning sites, more adsorbed surfactants [17.52], or
slower mass transport kinetics [17.7], newly generated
steps quickly catch up with those further out, rapidly
producing a step-free facet and thus leading to almost
pure 1-D growth under low supersaturation conditions
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(Fig. 17.6b). Finally, if vo is equal to vc, which is more
common in general crystal growth, all steps, regardless
of whether they are newly generated steps at the dis-
location core or earlier steps at the outer edge of the
growth spiral, propagate at the same velocity and a step
pile-up is never created; thus, the steps spread in 2-D
(Fig. 17.6d).

According to BCF theory [17.51, 53], the terrace
width d is inversely proportional to the supersat-
uration σ of the system, and thus, for the same
step height h, the slope of the nanoplate hillocks
(p = h/d) increases as the supersaturation increases
(Fig. 17.6e,f). Therefore, the thickness-to-diameter ra-
tio of 2-D nanoplates depends on the supersaturation of

the growth solutions; i. e., low-supersaturation growth
favors generation of very thin nanoplates with small
slopes, while higher supersaturation leads to thicker
plates of increasing slope. This relationship between
terrace width (and thus the slope of dislocation hillocks)
and supersaturation has been well documented in crys-
tal growth studies, such as those shown by De Yoreo
et al. [17.52].

Despite the drastic difference between the mor-
phologies of NWs, NTs, and nanoplates, their growth
can be unified using the dislocation-driven mecha-
nism. Understanding how to control the nanomaterial
anisotropy is of great importance to design dislocation-
driven growth for specific applications.

17.3 Structural Characterization of these Nanomaterials

Dislocation-driven growth is a general mechanism, and
therefore the principles described above are applicable
to many crystalline materials grown from solution or
vapor phase. However, dislocations are mobile and es-
pecially not stable in small volumes [17.26, 27], so that
postgrowth mechanical perturbation could work the dis-
locations out of nanomaterials. As a result, dislocations
themselves might not always be directly visualized,
and the operation of the dislocation-driven mechanism
might have been overlooked in many anisotropic nano-
materials (especially 1-D nanomaterials) whose growth
is not completely or correctly understood. Neverthe-
less, there is other evidence closely associated with
the dislocation-driven growth mechanism that can sup-
port this mechanism, including the lattice twist, lattice
tilt, and formation of hollow tubes. In this section we
discuss the common techniques that can be used to char-
acterize dislocation-driven nanomaterials.

17.3.1 Observation of Dislocation Contrast

Transmission electron microscopy (TEM) has been the
most common and powerful tool used to analyze the
microstructures of materials. Screw dislocations can be
readily detected and their associated Burgers vectors
identified using the diffraction-contrast TEM technique,
which relies on additional electron diffraction due to the
bending of atomic planes near the dislocation core. If
an image is reconstructed from specific reciprocal-space
diffraction spots g that are selected by a physical aper-
ture, these additional diffracted electrons create a visible
contrast around the dislocation. However, diffraction

spots g that are normal to the Burgers vector of the dis-
location b (g × b = 0) produce no dislocation contrast –
the invisibility criterion [17.54]. Therefore, the direc-
tion of a Burgers vector can be identified by taking the
cross-product of two non-collinear g vectors that make
the dislocation contrast disappear. A general procedure
for identifying the Burgers vector’s direction is detailed
in the following:

• First step: Tilt the sample onto an appropriate zone
axis which contains the diffraction spots that are
perpendicular to the potential Burgers vector’s di-
rection. Most crystal lattice types have their own
habitual Burgers vectors, for example, [110] in the
face-centered cubic (fcc) structure or [001] in the
hexagonal closed-packed (hcp) structure [17.26].
Otherwise, the growth direction of NWs can be
well used as a guide to screen the g vectors and
the corresponding zone axes, because the axial
growth direction by definition has to be parallel
to the screw component of the dislocation Burg-
ers vector that is responsible for driving the NW
growth.• Second step: Approach the two-beam condition by
further tilting the sample until almost all other
reflections disappear with the exception of the trans-
mitted beam (the zero beam) and the selected g
beam. Repeat these two steps to find another
non-collinear g beam that satisfies the invisibility
criterion.• Third step: Determine the Burgers vector direction
by taking the cross-product of the g vectors. Ap-
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Fig. 17.7a–h Diffraction-contrast
TEM imaging of the dislocation in the
tree trunk: (a–c) TEM images along
the [221] zone axis under strong two-
beam conditions; (a) g‖b conditions
showing strong diffraction contrast;
(c) invisibility conditions as high-
lighted (red circles) in the zone axis
diagram (b). (a) Schematic superpo-
sition of real and reciprocal space of
a dislocation-containing NW along
the [001] zone axis is shown to illus-
trate the Burgers vector relationship.
(b) Low-magnification TEM image
showing the tree and area analyzed.
(c–e) [111] zone axis TEM under
strong two-beam conditions. (f) g‖b
conditions and (h) invisibility condi-
tions as highlighted (red circles) in
the zone axis diagram (g) (ZAP: zone
axis pattern; after [17.18])

proach the two-beam condition composed of the
zero beam and the determined Burgers vector beam
to verify the presence of strong dislocation contrast
(the g‖b condition that exhibits the highest contrast
of dislocations).

The determination of the Burgers vector in the PbS
tree-like structure can be used as an example to il-
lustrate the entire process [17.18]. The same segment
of a tree structure was tilted to the [221] zone axis
(Fig. 17.7a–c) and the [111] zone axis (Fig. 17.7f–h),
respectively. The dislocation meets the invisibility crite-
rion under the perpendicular (22 8) two-beam condition
near the [221] zone axis and the perpendicular (224)
two-beam condition near the [111] zone axis. There-
fore, taking the cross-product of the (22 8) and (224)
vectors shows that the Burgers vector is along the [110]
direction, which is confirmed by the images under two-
beam conditions of the parallel [220] spots showing
high contrast of the dislocation line. It is known that
the Burgers vector of the most stable dislocations in
rock-salt crystals is along 〈110〉, and this has been
previously observed in bulk PbS crystals [17.26, 55].
Since the dislocation line direction (u) is along the
[100] NW growth direction, the [110] Burgers vec-

tor represents a mixed dislocation: a screw dislocation
component along the [100] (or [100]) direction mostly
responsible for driving the NW growth, and an edge
dislocation component along the [010] (or [010]) direc-
tion. The role of edge dislocations in promoting crystal
growth [17.56] is not clear but cannot be ruled out com-
pletely at present.

Using such methods, dislocation contrast has
been conclusively observed for NWs of PbS [17.18,
39], PbSe [17.40], CdS, CdSe [17.57], AlN [17.37],
ZnO [17.20, 47], α-FeOOH [17.58], Co(OH)2 [17.59],
Cu [17.60], and Cu2O [17.38, 48]. However, complete
two-beam analysis of the dislocation and invisibility cri-
terion has only been carried out for a smaller set of
materials including PbS, CdSe, and Cu. The stability of
the nanomaterials under high-vacuum and high-energy
electron beam conditions inside the TEM, and the tilting
angle range of the TEM goniometer are two main limit-
ing factors to achieve a complete two-beam analysis.

17.3.2 Determination of Eshelby Twist

Various techniques based on TEM and electron diffrac-
tion have been established to identify and quantify the
Eshelby twist. The most intuitive method relies on the
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1 µm

Fig. 17.8 TEM image of a single chiral branched NW.
White boxes indicate the positions at which the CBED pat-
terns were acquired. Upper inset: CBED pattern obtained
at the top box showing [110] zone axis. Lower inset: CBED
pattern obtained at the bottom box showing [100] zone axis
(after [17.40])

variation of the electron diffraction on different regions
of a NW caused by the rotation in the crystal lattice.
Convergent-beam electron diffraction (CBED) is often
chosen to acquire diffraction patterns due to its small
probe area, which can minimize the interference caused
by lattice rotation. In brief, the electron probe is moved
along the NW’s axial direction to find two distinct zone
axes. The twist angle can be calculated by dividing the
angular separation between the two identified zone axes
by the spatial separation between the two probed areas;
For example, starting with the end of the PbSe NW on
the [100] zone axis (bottom of Fig. 17.8), the diffraction
pattern continuously rotates about the (001) reflection
as the probe moves along the wire, reaching the [110]
zone axis (top of Fig. 17.8) [17.40]. These two spots are
separated by 9.1 μm along the NW axis, while the [100]
and [110] directions are 45◦ apart in the cubic structure,
which gives approximately 5◦/μm twist of the lattice.
The NW has a diameter of 96 nm, which leads to a cal-
culated value of b = 0.624 nm. This method, however,
requires the NW to have a relatively large twist angle
and/or length so that both zone axes are observable. In
addition, this measurement is inaccurate in the presence
of other geometrical distortion of the lattice, e.g., bend-
ing, because this also affects the orientation of the lattice
planes and the consequent electron diffraction.

The twist contour analysis reported by Drum in
1965 provides an alternative and more accurate method
to determine the sense and magnitude of the twist
in crystals [17.37]. Unlike the previously discussed

method based on CBED, twist contour analysis is essen-
tially a diffraction-contrast TEM technique. First, twist
contours must be differentiated from the bend contours
commonly observed in TEM of nanomaterials. Bend
contours, as the name suggests, occur when a NW is
bent about its axis. This distorts many atomic planes lo-
cally at the bend, causing the diffraction of electrons
from this region of the crystal to be different from every-
where else. Therefore, when a zero-beam bright-field
TEM image is taken of a bent object, because elec-
trons are diffracted in such a way that virtually none
of them remain in the zero beam, the bend contour
appears very dark compared with everywhere else. In
contrast, when real-space crystal lattice twists along the
growth axis cause the reciprocal-space lattice to twist
simultaneously, the various reciprocal g vectors that are
orthogonal to the NW growth axis come on and off
the Laue condition at different angles, creating several
twist contour bands. If we generically choose −θ for
−g and +θ for +g, which we will call θ−, g− and
θ+, g+, respectively, the difference between the two
angles Δθ can be calculated geometrically using the
relation

Δθ = (θ+ − θ−) =
(

λ

2

)
|g+ − g−| , (17.11)

where λ is the electron wavelength (the inverse of k).
Note that the approximation θ ≈ λg/2 is made because
of the large radius of the Ewald sphere for electron
diffraction. For a twisting NW, the upper and lower
conditions in Fig. 17.9b can be simultaneously met at
different points along the NW, and the resulting twist
contours can be imaged using zero-beam bright-field
TEM and indexed directly using displaced-aperture
dark-field TEM. Unlike bend contours, each of these
twist contours is associated with one set of planes and
can be easily differentiated. The measured real-space
distance L between two indexed twist contours can
be used to calculate the real-space twist α, effectively
the Eshelby twist, of the NW using the following rela-
tion:

α =
(

Δθ

L

)
=

(
λ

2L

)
|g+ − g−| . (17.12)

In practice, any g vectors that are not parallel to the
NW growth axis (which contains the orthogonal com-
ponent) can be selected for the twist contour analysis.
An angle correction is needed in this case, and (17.12)
needs to be modified to

α = λ

2L

∣∣∣∣ g+ − g−
sin β

∣∣∣∣ , (17.13)
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Fig. 17.9a–e Observation and determination of Eshelby twist using
twist contours. (a) Schematic illustration of a NW showing g vectors
orthogonal to the growth axis and the k vector of the electron beam.
(b) Conditions where −g and +g vectors (top and bottom diagrams,
respectively) meet the Laue condition. (c) Zero-beam bright-field
TEM image of a representative NW showing two indexed twist con-
tours and the physical separation L . Inset convergent-beam electron
diffraction pattern. (d,e) Displaced-aperture dark-field TEM used to
index the two labeled contours as (122) and (122) (after [17.47])

where β is the angle between ±g and the NW
growth direction; For example, the ZnO NW shown
in Fig. 17.9 was firstly oriented so that a pair of ±g
vectors [±(122)] were selectively illuminated [17.47].
A zero-beam bright-field image (Fig. 17.9c) was then
taken to record the locations of the contour bands
so that the separations between them could be meas-
ured. Next, each twist contour was uniquely indexed to
a specific g vector using displaced-aperture dark-field
imaging (Fig. 17.9d,e). A pair of twist contour bands
are clearly present in the bright-field image (Fig. 17.9c),
and they are indexed to ±(122) g vectors, respectively.
The calculated twist for the NW shown in Fig. 17.9c is
approximately 9◦/μm using (17.13), which is in agree-
ment with the Eshelby twist predicted for a NW with
radius of 46 nm and Burgers vector’s magnitude of ap-
proximately 1.0 nm.

In practice, using twist contours to quantify Eshelby
twist is much more easily implemented on NW sam-
ples than the other techniques discussed above, and

2 1/nm

a) b) c)

d) Twist

Tilt

5 nm

10 1/nm

10 1/nm

Fig. 17.10a–d Quantification of the lattice tilt using TEM
and electron diffraction. (a) SAED showing the splitting of
the diffraction spots (inset shows the split spot indicated by
the arrow, scale 0.21 nm−1). (b) CBED patterns showing
the tilt of the structure from the left (above) to the right part
(below) of the section of the NW. (c) Bright-field (BF) im-
age showing the positions of measurement (brown circles)
for each CBED pattern. The dark-brown arrow indicates
the twist axis, while the light-brown arrow indicates the
tilt axis in (b). This is shown schematically in (d). The
Kikuchi bands observed have been used to measure the tilt
angle (after [17.61])

twist contour analysis can quantify twist of ≈ 1◦/μm
or less, which is a much higher resolution than the
other techniques [17.18, 40, 41]. Eshelby twist has been
conclusively observed for NWs or NTs of PbS [17.18,
39], PbSe [17.40], CdS, CdSe [17.57], AlN [17.37],
ZnO [17.20, 47], Fe : ZnO [17.62], Er : ZnO [17.63],
α-FeOOH [17.58], Cu [17.60], and Cu2O [17.48].

17.3.3 Lattice Tilt

The screw dislocation not only causes the atomic planes
to form a helicoid but also splits the crystal lattice at its
core. As a consequence, the normal to the basal planes
of a dislocated NW is slightly tilted in relation to the
growth axis. The degree of tilt φ between planes on op-
posite sides of the screw dislocation is a function of
the pitch of the helicoid, which is essentially equal to
the magnitude of the Burgers vector b, and the radial
position R of the measurement point

cos(φ) = 1− (b/(2π R))2

1+ (b/(2π R))2
. (17.14)

Therefore, the magnitude of the Burgers vector can be
derived from the tilt φ and R values [17.61].

Electron diffraction techniques including selected-
area electron diffraction (SAED) and convergent-beam
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electron diffraction (CBED) are convenient ways to
determine the tilt angle φ. SAED usually illuminates
a large area on the NW sample (hundreds of nanome-
ters) and averages the tilt over all radial positions. The
resulting pattern exhibits splitting of diffraction spots
because the atomic plane normal is slightly tilted away
from the NW axis. The angle of splitting in the diffrac-
tion spots is the same as that of the tilt φ. The average
radial position R can be approximately estimated us-
ing one-half of the radius of the NW; For example, the
InP NW shown in Fig. 17.10c has a radius of 12.0 nm,
and its corresponding diffraction pattern (Fig. 17.10a)
shows 2.0◦ splitting; thus the Burgers vector is calcu-
lated to be 0.69 nm, which is approximately one unit
cell length of InP [17.61].

CBED, in contrast, measures the local lattice dis-
tortion due to its small probe size. The CBED pattern
changes abruptly on different sides of the screw dis-
location, which is visualized as a shift (Δk, in nm−1)
of the Kikuchi bands in reciprocal space (Fig. 17.10b).
Therefore, the tilt angle φ can be derived from

φ ≈ tan(φ) = Δk

k
, (17.15)

where k is the wavevector of the incident electron beam.
The radial position R is determined from the area being
analyzed. Because NWs are thin objects, lower prac-
tical electron beam energy is preferred to make the
Kikuchi bands visible. Using this CBED technique to
determine the Burgers vector of the same NW shown in
Fig. 17.10 returns a similar value (0.7 nm) to that ob-
tained by the SAED technique. This measurement of
lattice tilt is a newly developed technique, and has only
been implemented for InP NWs [17.61].

17.3.4 Observation of Nanotubes
or Voided NWs

As discussed earlier, the template-free, spontaneous for-
mation of single-crystal inorganic NTs is a consequence
of growth driven by screw dislocations with large Burg-

Hollow

Solid

26 min

d)  Number of NWs

129

5

40 min

63

91

60 min

28

149

100 nm 100 nm 100 nm

a)
26 min

b)
40 min

c)
60 min

Fig. 17.11a–d Growth history of Cu2O NTs and NWs re-
vealed by TEM examination of the products with different
growth times. (a) The completely hollow NT product from
a 26 min reaction, (b) the partially hollow product from
a 40 min reaction, and (c) the solid NW product from
a 60 min reaction; (d) statistics of the observed Cu2O NTs
and NWs at different reaction times (after [17.48])

ers vectors. The NT can be conveniently visualized
under TEM, as the core of the NT appears brighter than
the wall due to the greater electron transmission.

In addition to NT structures whose interior is com-
pletely hollow, partially filled tubes and NWs with voids
also imply the operation of the dislocation-driven mech-
anism; For example, investigating the growth time effect
on Cu2O NW growth revealed that the 1-D structures
are almost exclusively hollow NTs at the beginning, and
then were gradually filled up to become voided NWs
and eventually solid NWs (Fig. 17.11) [17.48]. Hollow
or voided structures have been observed in NWs/NTs
of GaN [17.64], ZnO [17.20], α-FeOOH [17.58],
Cu [17.60], Cu2O [17.48], AlN [17.65], and In2O3
(doped or undoped) [17.66–68].

17.4 Generality of Dislocation-Driven Nanomaterial Growth

In this section we review a variety of different
anisotropic nanomaterials whose growth has been
proven to be driven by screw dislocations in contem-
porary nanomaterial literature and thus demonstrate

the generality of the dislocation-driven mechanism.
The material classes of the nanomaterials known to
form via the dislocation-driven mechanism vary from
metal, metal oxide/hydroxide, metal chalcogenide, to
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10 µm 10 µm

a) b) c)

Fig. 17.12a–c Screw-dislocation-driven growth of PbS tree-like
NWs. (a,b) SEM images of pinetree-like PbS NWs. (a) Schemat-
ic illustration to explain the growth of the pinetree structure: the
trunk’s growth is driven by axial screw dislocation and that of the
branches by VLS (after [17.19])

metal nitride; the chemistry involved in forming the
dislocation-driven nanomaterials can be distinctly dif-
ferent, ranging from simple hydrolysis reaction to
reduction–oxidation (redox) reaction, and dislocation-
driven growth can be accomplished in both vapor phase
and solution phase. Despite the diversity in the physical
and chemical properties of these nanomaterials, the rule
of thumb in pursuit of rational synthesis of anisotropic
nanomaterials is to maintain low supersaturation of
the precursor to favor the dislocation-driven mecha-
nism. We also present evidence of the dislocation-driven
mechanism for each material using methods reviewed in
the previous section.

17.4.1 Vapor-Phase Synthesis

The growth of NWs in vapor phase has been almost
exclusively explained by the VLS and other analogous
catalyst-driven mechanisms. The dislocation-driven
crystal growth mechanism has long been underappre-
ciated because of the easy visualization of a catalyst
particle decorating the tip of the NW, whereas the
TEM techniques to detect dislocations are not straight-
forward. Even in cases where catalyst particles were
absent yet NW growth still occurred, researchers used
to claim that the 1-D anisotropic growth was driven
by self-catalyzed VLS. It should be cautioned that the
role of dislocation-driven growth needs to be reexam-
ined in these cases. Even in the presence of catalyst
particles, there is still the possibility of the cooperation
of both mechanisms. It is likely that, without the pres-
ence of catalyst nanoparticles, there is a higher energy
barrier to nucleation of NW growth, therefore causing
the low yield and slow growth rate of NWs that are
commonly observed. Addition of catalyst nanoparticles
promotes nanostructure growth with high yield by cre-
ating numerous nucleation sites, and thus facile and fast
1-D crystal growth is initiated. Furthermore, addition of

catalyst impurities and the fast and disordered crystal
growth could potentially lead to the generation of dis-
location sites that further facilitate the crystal growth
process, which might become more responsible for the
subsequent NW growth under the low supersaturation
level.

PbS
PbS pinetree-like NWs were the first reported case
of dislocation-driven growth among the modern NWs
(Fig. 17.12a,b). Nanostructures of PbS are synthesized
via chemical vapor deposition using PbCl2 and elemen-
tal sulfur as precursors under argon flow with a co-flow
of H2 at atmospheric pressure and with temperatures
of 600–650 ◦C [17.18, 39]. A piece of freshly exposed
Si substrate is used to collect the NW product. The
formation of the tree structure is indeed a combined
effect of the operation of both the dislocation-driven
NW growth mechanism and the VLS mechanism: the
growth of the trunks is driven by axial dislocations,
whereas the branches are formed via in situ VLS
growth, as illustrated in Fig. 17.12c. The hydrogen flow
plays an important role in triggering the dislocation-
driven growth of the tree trunks. The chemical reactions
involved are

PbCl2(s)+1/2S2(g) = PbS(s)+Cl2(g) , (17.16)

H2 +S(s) = H2S(g) , (17.17)

PbCl2(s)+H2S(g) = PbS(s)+2HCl(g) , (17.18)

2H2S(g)+Si(s) = SiS2(s)+2H2(g) . (17.19)

The onset of hydrogen flow likely creates a spike
in H2S supersaturation and initiates dislocations with
screw components that then propagate anisotropically
to form the NW trunks. Maintaining an optimum hy-
drogen flow can provide a favorable supersaturation that
promotes dislocation-driven trunk NW growth and en-
able the simultaneous growth of the VLS-driven NW
branches.

PbSe
PbSe tree-like NWs (Fig. 17.8) have also been re-
ported [17.40]. The synthesis of PbSe NWs was
analogous to that of PbS due to their structural simi-
larity, though some minor details of the chemical vapor
deposition (CVD) precursors vary. Again, screw dis-
location is responsible for the trunk growth, and VLS
for the branch growth. One different aspect in the PbSe
synthesis is that an intentional metal catalyst, bismuth
in this case, was used, yet no obvious catalyst cap on
the NW trunk was observed. This agrees with the hy-
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a) b) c) d)
(220)

(102) (102)(220)

Fig. 17.13a–d Evidence of dislocation-driven growth of CdS and CdSe NWs. Dislocation contrast of a CdS NW (a) and
a CdSe NW (b), and twist contours on a CdS NW (c) and a CdSe NW (d) (after [17.57])

pothesis that metal particles might serve to facilitate
dislocation-driven growth rather than acting as a VLS
catalyst.

CdS/CdSe
CdS and CdSe share the wurtzite crystal structure,
which is considered to be dislocation prone. There
have been early reports on the dislocation structures
in CdS/CdSe whiskers and ribbons [17.69–71]. Re-
cently, CdS or CdSe NWs were grown via the chemical
vapor deposition (CVD) process using CdCl2 and ele-
mental sulfur/selenium as precursors under argon flow
with a co-flow of H2 at relatively low system pres-
sure of 40 Torr at temperatures of 600–650 ◦C [17.57].
Si substrates, either covered with gold nanoparticles
or not, were used to collect the products. With the
presence of gold nanoparticles, NWs with high yield
and uniformity were obtained. Interestingly, even when
the gold nanoparticle catalyst was absent, short NWs
could still be grown. The vapor pressure was low in
this reaction compared with most of the other reported
CVD synthesis conditions [17.72–74], thus favoring
dislocation-driven crystal growth.

Evidence for dislocation-driven growth was indeed
detected in the NWs synthesized with the presence of
gold nanoparticles. Dislocation contrast was observed
in both as-synthesized CdS (Fig. 17.13a) and CdSe
(Fig. 17.13b) NWs, and the Burgers vectors of the dis-
location were determined to be [120] for CdSe under
strong two-beam conditions. Moreover, twist contour
analysis revealed the presence of Eshelby twist associ-
ated with the dislocation in both CdS (Fig. 17.13c) and
CdSe (Fig. 17.13d) NWs.

These results clearly showed that dislocation-driven
NW growth had occurred during the CVD growth of
CdS and CdSe NWs, even when gold nanoparticle cata-
lysts were employed for the synthesis, suggesting that
both VLS growth and the dislocation-driven growth

mechanism can coexist in the growth of 1-D CdS and
CdSe NWs.

AlN
AlN whiskers were one of the earliest examples whose
growth was demonstrated to be driven by screw disloca-
tion. Back in 1965, Drum et al. observed the dislocation
contrast running through AlN whiskers and developed
the twist contour analysis to verify the presence of
Eshelby twist in these whiskers (Fig. 17.14a) [17.37].
More recently, hollow AlN NTs (Fig. 17.14b) were syn-
thesized by nitridization of Al metal powder in the
presence of Co(III) salts [17.65]. The spontaneous for-
mation of the NT structure is highly suggestive of
screw-dislocation-driven growth.

GaN
GaN NWs were synthesized by catalyst-free direct reac-
tion of gallium vapor and ammonia at 1000 ◦C [17.64].
Cross-sectional investigation (Fig. 17.15) of these NWs
revealed the presence of nanopipes. Particularly cross-
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Fig. 17.14a,b Screw-dislocation-driven growth of AlN
NWs. (a) Twist contour analysis of AlN whiskers; the dis-
location contrast was also clearly observed (after [17.37]);
(b) TEM image of AlN NTs (after [17.65])

Part
C

1
7
.4



652 Part C NanoCeramics

100 nm
[0001]

e

d

[0001] [0001]500 nm 200 nm 20 nm

5

2
4

b c

1

6

100 nm

a) b) c)

Fig. 17.15a–c Screw-dislocation-driven growth of GaN NWs and NRs. (a,b) Cross-sectional SEM (a) and TEM (b) im-
ages of GaN NWs with nanopipes in the middle (after [17.64]). (c) TEM image of a GaN NR displaying dislocation
contrast (after [17.75])
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Fig. 17.16a–d Screw-dislocation-driven growth of undoped and doped In2O3 NTs. (a,b) TEM images of undoped In2O3

NTs; (c,d) TEM images of Sn-doped In2O3 NWs that display voids and dislocation loops (after [17.68, 68])

sectional TEM imaging (Fig. 17.15b) shows interesting
spiral bend contours, which were believed to be associ-
ated with screw dislocations with large Burgers vectors.
This is consistent with the mechanism of NT formation
that was discussed previously.

GaN NRs grown by molecular-beam epitaxy
were also reported to display dislocation contrast
(Fig. 17.15c) [17.75].

In2O3/Sn:In2O3/Zn:In2O3
In2O3 NWs were synthesized using simple ther-
mal evaporation of InN powder at ambient condi-
tion [17.66]. Sn/Zn doping was introduced by mixing
InN and SnO2/ZnO powder followed by a similar evap-
oration process [17.67, 68]. The resulting undoped 1-D
In2O3 nanostructures were indeed hollow nanopipes
(Fig. 17.16a,b), which is one of the characteristics of
dislocation-driven growth. More intriguingly, the doped
NWs exhibited curious features such as nanoprecipi-
tates, voids, and dislocation loops (Fig. 17.16c,d). It is
likely that the formation of the nanopipe to relieve the
dislocation strain energy can be locally affected by the

presence of dopants around the dislocation and the for-
mation of nanoprecipitates and loops, leading to the
observed discontinuous nanopipe.

Fe:ZnO/Er:ZnO
Fe-doped ZnO NWs were synthesized by thermal evap-
oration of a mixture of ZnS and Fe2O3 powder [17.62].
Eshelby twist was detected using twist contour analy-
sis (Fig. 17.17a), which supports the dislocation-driven
growth of these NWs.

Er-doped ZnO tree-like NWs were synthesized us-
ing a similar thermal evaporation method except that
the precursors were ZnO and Er2O3 [17.63]. The twist
of the NW trunk was evidenced by the rotation of the
branches, which is indicative of the dislocation-driven
growth of the trunk (Fig. 17.17b,c).

17.4.2 Solution-Phase Synthesis

Direct Hydrolysis
The hydrolysis reaction is probably one of the sim-
plest types of chemical reactions, yet it is a versatile
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Fig. 17.17a–c Screw-dislocation-
driven growth of undoped and doped
ZnO NWs. (a) Twist contour analy-
sis of an Fe : ZnO NW (after [17.62])
and (b,c) SEM images of tree-like
Er : ZnO NWs (after [17.63])

route to produce many important metal oxides at
large scale in low-temperature aqueous solutions. ZnO,
the first solution-grown dislocation-driven nanomate-
rial to be demonstrated, was synthesized via direct
hydrolysis of Zn2+ in the presence of hexamethylenete-
tramine (HMT) as the precipitation reagent and pH
buffer [17.20]. The details of the synthesis and char-
acterization of ZnO have been discussed in previous
sections. This example provides the general frame-
work for designing the rational synthesis of anisotropic
nanomaterials driven by screw dislocations. The under-
standing on how to control the concentration of the
precursor metal ions and therefore the supersaturation
level for hydrolysis in order to favor dislocation-driven
crystal growth kinetics may enable rationally designed
low-cost NW/NT production for practical applications.
In many cases, the direct products of the hydroly-
sis reactions are metal oxyhydroxides and hydroxides,
depending on their surface energetics, size, and envi-
ronment [17.76], so that a secondary, thermal annealing
treatment might be needed to form the desired metal
oxides.

Iron Oxyhydroxide. Iron oxyhydroxide (FeOOH) NWs
were synthesized using a continuous flow reactor (CFR)
with flow of low-concentration FeCl2 aqueous solu-
tion and co-flow of iron microparticles [17.58]. The
CFR allows a constant low supersaturation level and
enables indefinite growth time for the NWs. The con-
trast between the product morphologies seen for a CFR
reaction and a static hydrothermal reaction with compa-
rable conditions is drastic: there are copious amounts of
fairly uniform NWs (Fig. 17.18a) for the CFR reactions,
while the static hydrothermal reaction yields mainly
microparticles with sparse NW growth (Fig. 17.18b).
Defective particles were still produced at the initial
stage of the growth where a spike of precursor su-
persaturation occurred, likely providing the source of
dislocations, as evidenced by the observation of the
seed particles at the end of the NWs (Fig. 17.18b, in-
set). Dislocation contrast (Fig. 17.18c), Eshelby twist

(Fig. 17.18d), and hollow structures were readily ob-
served using TEM, confirming the dislocation-driven
growth of these NWs.

The hydrolysis reaction to form FeOOH is

Fe3+ +2H2O → FeOOH+3H+ . (17.20)

Direct hydrolysis of low-concentration Fe3+ solution
seems to be the most intuitive way to gain good con-
trol of the supersaturation. However, the problem is
that the hydrolysis of Fe3+ is so favorable (Ksp for
Fe(OH)3 = 4 × 10−38) and fast that preventing such fa-
vorable hydrolysis (high supersaturation) requires an
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Fig. 17.18a–d Screw-dislocation-driven growth of α-
FeOOH NWs. (a) SEM images of α-FeOOH NWs yielded
from a CFR reaction. (b) SEM images of α-FeOOH NWs
yielded from a static hydrothermal reaction. (c,d) TEM
characterization of α-FeOOH NWs. (a) Zero-beam bright-
field image showing the dislocation contrast. (d) Twist
contour analysis of an α-FeOOH NW
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extreme low pH. In contrast, Fe2+ ions do not hydrolyze
and precipitate significantly even at near-neutral pH be-
cause the Ksp for Fe(OH)2 is 8 × 10−16, but they can
be readily oxidized to Fe3+ by dissolved oxygen in the
aqueous solution,

4Fe2+ +O2 +4H+ → 4Fe3+ +2H2O . (17.21)

Secondly, the presence of Fe metal can reduce Fe3+
back to Fe2+ ions and therefore guarantee a low con-
centration (supersaturation) of Fe3+ as dictated by the
Fe3+/Fe2+ redox equilibrium,

2Fe3+ +Fe → 3Fe2+ . (17.22)

By coupling these two protection schemes (low-
concentration flow and redox equilibrium) to the orig-
inal hydrolysis reaction, a low supersaturation of Fe3+
ions can be maintained to guarantee slow and controlled
hydrolysis, which favors dislocation-driven 1-D crystal
growth. Unlike other reports of iron oxide/oxyhyrdoxide
nanomaterial syntheses where either surfactants or or-
ganic ligands were used and argued to be important in
the NW synthesis [17.77–80], this method merely re-
quires the simple inorganic precursors Fe2+ and Fe.

Co(OH)2. Co(OH)2 NWs are an intermediate product
during the synthesis of Co3O4 NWs, where cobalt ni-
trate is hydrolyzed in the presence of concentrated
ammonia (NH3 ·H2O) [17.59]. The Co(OH)2 NWs
started to grow 2 h after initiation of the reaction. NH3
can form a series of complex compounds with Co2+
ions, and thus a concentrated NH3 environment ef-
fectively reduces the concentration/supersaturation of
the free Co2+ ions to favor dislocation-driven growth.
Dislocation contrast was clearly observed in the as-
synthesized Co(OH)2 NWs under TEM (Fig. 17.19).
Unfortunately rigorous two-beam and twist contour
analysis were not available, likely due to instability

Brucite Co(OH)2 NWs Spinel Co3O4 NW arrays

Fig. 17.19 Schematic illustration of dislocation-driven
growth of Co(OH)2 NWs and their conversion into Co3O4

NWs (after [17.59])

of the hydroxide species under vacuum and the high-
energy electron beam.

Redox Reaction
In contrast to hydrolysis reactions where single pre-
cursor ions account for the supersaturation level of the
system, in a redox reaction the supersaturation is nec-
essarily determined by both the reducing reagent(s) and
the oxidizing reagent(s). Thus, using the concentration
of the precursors to describe the supersaturation level
in a redox system becomes ambiguous. Indeed, in this
case, the best way to represent the equilibrium position
of the chemical reaction (and crystal growth) is the elec-
trochemical potential: chemical equilibrium is reached
when the electrochemical potential of the reaction is
zero. The supersaturation of the redox reaction system
is simply the electrochemical overpotential. By tuning
the electrochemical potential to be slightly over zero,
the low-supersaturation condition is achieved, which fa-
vors the dislocation crystal growthregime. The necessity
for multiple reactant species increases the complexity of
controlling the supersaturation; nevertheless, by under-
standing this complexity, we can achieve better control
of the supersaturation of such redox reactions to pro-
mote dislocation-driven NW growth.

Copper (Cu) NWs. Cu represents an entirely different
class of materials, metals, which again demonstrates
the generality of the dislocation-driven growth mech-
anism. Cu NWs were initially synthesized by reducing
Cu2+ ions using hydrazine (N2H4) in the presence of
ethylenediamine (EDA) and concentrated sodium hy-
droxide (7 M NaOH) in a closed vial [17.60]. The main
reaction taking place to form Cu NWs is

2Cu2+ +4OH− +N2H4 → 2Cu+N2 +4H2O .

(17.23)

The OH− ion plays dual roles in the reaction: firstly,
it provides a suitable pH condition that allows the re-
dox reaction to occur (the electrochemical potential is
dependent on the solution pH); and secondly, it is in-
trinsically a ligand that can complex with Cu2+ to form
Cu(OH)2−

4 . This complexation lowers the activity (su-
persaturation) of the Cu2+ ions, which promotes the
dislocation-driven growth mechanism. Moreover, EDA
is a strong complexing ligand (rather than a surfactant)
capable of binding with Cu2+, thus further lowering the
supersaturation of the system.

Dislocation contrast was observed in many as-
synthesized Cu NWs. Rigorous TEM analysis under
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strong two-beam conditions characterized the Burgers
vector direction of the dislocation to be [110], which
is a pure screw dislocation (Fig. 17.20). Twist contour
analysis confirmed the presence of an Eshelby twist
structure and quantified the magnitude of the Burgers
vector to be 1/2 [110], which is the most common
Burgers vector in the face-centered cubic (fcc) struc-
ture [17.27]. Furthermore, hollow NTs of Cu were
present occasionally.

Understanding of the dislocation-driven growth of
Cu NWs allows improved synthesis under a much
milder chemical environment. The static reaction
(17.23) has two drawbacks: firstly, an extremely high
concentration of NaOH (7 M) is required; and secondly,
NW lengths are limited due to precursor depletion.
Understanding and controlling the supersaturation of
the crystal growth is the key to promote dislocation-
driven growth. For the redox reaction between Cu2+ and
N2H4, the change in the free Cu2+ ion concentration
only affects one half-cell reaction for supersatura-
tion control. Tuning the concentration of N2H4 also
influences the supersaturation of the reaction sys-
tem. One of the roles of NaOH is complexing Cu2+
and reducing the concentration of free Cu2+ ions;
thus, by compensating the reduction in NaOH con-
centration with an increase in the other complexing
ligand, EDA, low supersaturation can be maintained
and successful dislocation-driven NW growth can
still be achieved. Indeed, a modified static reaction
with a much lower concentration of NaOH (pH ≈ 12)
still led to the formation of Cu NWs. Since EDA is
a much stronger ligand (β[Cu(EDA)2] = 1020) than
OH− (β[Cu(OH)2−

4 ] = 1016), a modest increase in EDA
concentration can sufficiently compensate for a two or-
der of magnitude drop in NaOH concentration. Further-
more, according to reaction (17.23), OH− ions partici-
pate in the redox reaction that forms Cu, thus reducing
the NaOH concentration also lowers the redox overpo-
tential and crystal growth supersaturation, thus favoring
dislocation-driven growth. NWs yielded from this pro-
tocol are typically ≈5 μm in length and 200–300 nm in
diameter with slight tapering (Fig. 17.21a,b), indicating
that precursor depletion occurs as the reaction proceeds.
The precursor depletion problem could be solved us-
ing a CFR, which yielded much longer Cu NWs (about
30 μm on average, up to 50 μm, Fig. 17.21c,d) with uni-
form diameter distribution.

Cuprous Oxide (Cu2O) NWs. Natural Cu2O (cuprite) min-
eral whiskers were among the earlier examples where
axial screw-dislocation contrast was clearly observed in

Dislocation contrast Eshelby twist Nanotube

g ||b

g ·b = 0

g ·b = 0 100 nm 50 nm

110

(220)

(222)

(220)

(002)

(113)(113)

(002)

Fig. 17.20 TEM evidence proving the dislocation-driven growth of
Cu NWs/NTs (after [17.60])

1 µm 20 µm 5 µm5 µm

a) b) c) d)

Fig. 17.21a–d Improved synthesis of Cu NWs. SEM images of Cu
NWs synthesized under modified conditions via static reaction (a,b)
or CFR reaction (c,d) (after [17.60])

TEM [17.38]. Recently, Cu2O NWs were synthesized
using a low-concentration Fehling’s reaction where
Cu2+ ions were reduced by glucose in the presence of
sodium hydroxide and sodium tartrate [17.48]. The for-
mation of the Cu2O in solution is similar to that of Cu
in terms of the redox chemistry. However, glucose is
a much weaker reducing reagent, so Cu(II) can only be
reduced to Cu(I) species. Tartrate forms a Cu2+–tartrate
coordination complex (Kf ≈ 107) that both prevents
Cu(OH)2 precipitation and serves to reduce the concen-
tration of free Cu2+ ions, lowering the supersaturation
to promote dislocation-driven NW growth.

TEM characterization of these NWs only detected
a few of them with dislocation contrast, since most of
the NWs were actually formed by filling up the initially
formed Cu2O NTs (Fig. 17.22). Besides the dislocation
contrast and spontaneous formation of NTs, the ob-
servation of the Eshelby twist in these NTs/NWs also
confirms that their growth is driven by screw disloca-
tions.

17.4.3 Solution Growth of 2-D Nanoplates

As discussed earlier, the spiral step edges generated
by screw dislocations can be chemically modified, re-
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100 nm

Eshelby twist Dislocation contrast

NT

r = 36 nm

94 nm

(113)

(113)

Fig. 17.22 TEM evidence proving the dislocation-driven
growth of Cu2O NWs/NTs (after [17.48])

sulting in disparate step velocities. This is the key to
achieve desirable anisotropic growth driven by screw
dislocations. Despite the drastic differences in mor-
phologies between 1-D NWs/NTs and 2-D nanoplates,
dislocation-driven crystal growth is common to both

0.5 nm

3 nm

1 µm

10 µm20 µm2 µm10 µm

10 µm 5 µm

2 µm

0 nm

a) b) c)

f)e)d)

Fig. 17.23a–f Overview of nanoplate morphology and screw dislocation step edges of ZHS. (a) Low-magnification scan-
ning electron microscopy (SEM) image of as-synthesized ZHS nanoplates; inset is a representative hexagonal nanoplate.
(b) Low-magnification contact-mode AFM image of a representative nanoplate (deflection signal shown). (c) Higher-
magnification image of the dislocation core. (d) Large nanoplate containing several screw dislocations of different
handedness. (e) Bright-field optical image showing the thin-film interference pattern generated between the nanoplate
and the reflective silicon substrate, revealing the radial thickness variations within the nanoplate. (f) SEM image of
a nanoplate grown on a silicon substrate with native oxide (after [17.50])

and the subtle kinetics of spiral step propagation asso-
ciated with dislocation growth can be used to explain
each. The characterization of dislocation-driven 2-D
nanomaterial is more straightforward as the spiral step
edges lying on the basal plane of the nanoplates can
be directly observed using both scanning electron mi-
croscopy (SEM) and atomic force microscopy (AFM).
Dislocation-driven 2-D growth has already been proven
to be responsible for the growth of a variety of ma-
terials including zinc hydroxysulfate (ZHS), Co(OH)2,
Ni(OH)2, and gold nanoplates. Here, their synthesis and
characterization are discussed.

Zinc Hydroxysulfate (ZHS)
In a typical synthesis of ZHS nanoplates, aqueous
solutions containing ZnSO4, Zn(NO3)2, and hexam-
ethylenetetramine (HMT) are heated in sealed glass
vials [17.50]. A piece of Si substrate is placed in the
solution to collect the nanoplate products. SEM re-
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500 nm 500 nm 500 nm

a) b) c)

Fig. 17.24a–c Other examples of dislocation-driven nano-plates. SEM images of representative nanoplates of
(a) α-Co(OH)2, (b) Ni(OH)2, and (c) gold, highlighting the screw dislocation spirals (after [17.50])

vealed that the substrates are densely coated with many
nanoplates (Fig. 17.23a) after this reaction procedure.
In contrast, in the absence of ZnSO4, ZnO nanorods
are the exclusive reaction product [17.81, 82]. All of
these nanoplates were found to contain screw disloca-
tions using contact-mode AFM. For the representative
hexagonal morphology, these dislocations were single-
source dislocations and the core was located at the
very center of the nanoplate (Fig. 17.23b,c). Interest-
ingly, simple bright-field optical microscopy revealed
the thin-film interference pattern generated between the
surface of a nanoplate and the reflective silicon sub-
strate surface, which demonstrated the geometry and
thickness variation of the nanoplate and the location
of the dislocation cores (Fig. 17.23e). Due to the dis-
location hillocks, these nanoplates are in fact pyramids
with extremely high width-to-thickness ratios. Multi-
ple dislocation centers with different chirality were
observed in larger and more complex nanoplate mor-
phologies (Fig. 17.23d). Moreover, when nanoplates are
grown on silicon surfaces with native oxides, the dislo-
cation spirals are heavily etched, clearly revealing their
morphology under standard SEM (Fig. 17.23f). Similar
zinc hydroxydodecylsulfate (ZHDS) nanoplates were
also reported to grow via the dislocation-driven mecha-
nism [17.83].

Co(OH)2
Co(OH)2 nanoplates (Fig. 17.24a) were synthesized via
direct hydrolysis of cobalt(II) chloride in the presence

of HMT as the pH buffer [17.50]. The α-Co(OH)2 sam-
ples had high densities of nanoplates that all showed
dislocations. However, due to their smaller diam-
eter and wider terrace widths, they did not display
the same dramatic thin-film interference under optical
microscopy.

Ni(OH)2
Ni(OH)2 nanoplates (Fig. 17.24b) were synthesized
similarly via direct hydrolysis of nickel(II) acetate in
the presence of HMT [17.50]. The Ni(OH)2 nanoplates
were equally dense but thinner than ZHS and exhib-
ited a propensity to form flower-like structures [17.84]
similar to the off-shooting nanoplates seen in ZHS
(Fig. 17.23a).

Gold
Gold nanoplates (Fig. 17.24c) were synthesized by re-
ducing chloroauric acid (HAuCl4) in aqueous solution
using salicylic acid [17.50]. Consistent with litera-
ture [17.85], gold nanoplates form as triangles and
hexagons as well as truncated triangles; however, only
a small percentage of these plates clearly show dislo-
cation spirals. Moreover, the step heights, previously
estimated to be ≈ 100 Å [17.85], and thus the Burg-
ers vectors of the dislocations observed in gold plates,
are very large in comparison with the (111) spacing of
2.35 Å for gold. The surface of gold nanoplates is the
(111) plane, and this should be the elementary Burgers
vector.
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17.5 Rational Growth of Dislocation-Driven Nanomaterials –
General Strategies

The empirical understanding gained from the exam-
ples discussed above provides general guidelines for
dislocation-driven nanomaterial growth, which requires
two basic ingredients:

1. The presence of dislocation sources (seeds) to prop-
agate the growth

2. A suitable low supersaturation condition for pro-
moting dislocation-driven growth over LBL and
other crystal growth modes [17.19].

We discuss these two aspects separately.
Manipulation of the supersaturation level to fa-

vor dislocation-driven growth of nanomaterials needs

b)

a)

Reaction time T

σ**

σ*

Supersaturation σ

Precursor A

Precursor B

Peristaltic
pump

Mixed precursor solution
Heating bath

CFR
Static

WasteNWs/NTs

Dendritic

LBL

Dislocation

Fig. 17.25a,b Schematic of continuous flow reactor (CFR) and su-
persaturation profiles. (a) Consisting of a jacketed chromatographic
column, a heated circulating water bath, and a dual-head peristaltic
pump, the CFR enables precise control over reaction temperature,
precursor solution composition/flow rate, substrate location, and
reaction time (heated circulating water bath not shown). (b) Com-
parison of schematic supersaturation profiles for closed-system
reactions and the CFR reaction (after [17.20])

to be specific depending on the chemistry of the ma-
terials. In general, an overall low concentration (in
solution) or vapor pressure of reactants is preferred.
Particularly in solution growth, introduced ligand com-
pounds can complex with free ions of the precursor
and thereby effectively reduce the activity (super-
saturation) of the reactants. The versatile nature of
coordination chemistry can be exploited to rationally
tune the supersaturation level to promote dislocation-
driven growth. The role of the surfactants commonly
employed in many solution syntheses might need to
be reexamined from the perspective of controlling the
supersaturation in the solution system, since many of
them are multidendate ligands. Redox chemical equi-
librium or other chemical equilibrium systems can also
result in a buffering effect and allow the supersatu-
ration level to be effectively controlled. Furthermore,
the employment of a continuous flow reactor (CFR)
(Fig. 17.25a) can allow better control over the super-
saturation than the commonly practiced closed-system
growth (referred to as static growth later) does. Static
growth, where precursors are introduced at the be-
ginning and allowed to react to completion, suffers
from a significant decline in precursor concentration
(supersaturation) during the course of the reaction
(Fig. 17.25b), which leads to irregular growth kinetics
that are difficult to deconvolute and control. CFR can
maintain a constant low supersaturation targeting the
dislocation-driven regime and enable indefinite growth
times.

On the other hand, to date, there are few rational
routes to engineer the dislocation source. To create dis-
location sources, the most common and straightforward
approach is to generate defective seed crystals [17.86]
under high-supersaturation reaction conditions. Ideally,
the seeds are prepared separately from the growth sys-
tem [17.20]; nevertheless, oftentimes an initial spike of
high supersaturation of precursors in the growth system
can achieve a similar objective [17.18, 39, 48, 58, 60].
Screw dislocations can also come from other crystalline
substrate surfaces, since they are always present in crys-
tals. Screw dislocations in defect-rich substrates, such
as GaN thin film grown on sapphire, have been utilized
to seed dislocation-driven growth of vertically epitax-
ial ZnO NWs (Fig. 17.26) from solution [17.47]. The
density of the ZnO NWs is comparable to the densi-
ties of screw dislocations found in such GaN thin films,
and NWs are found to grow only from the disloca-

Part
C

1
7
.5



Growth of Nanomaterials by Screw Dislocation 17.6 Applications 659

tion etch pits formed on the surface of GaN substrates
that have been cleaned aggressively. It is possible that
the seeding layers of ZnO film or other materials ini-
tially formed on various substrates that are crucial for
successful growth of NWs of ZnO or other mater-
ials could play similar roles; i. e., such seeding layers
could in fact be the highly defective substrates that
contain numerous screw dislocations that then initi-
ate dislocation-driven growth of NWs. Furthermore,
this threading dislocation growth that propagates from
substrate to NW of another material lays the founda-
tion for the creation of NW heterostructures driven by
dislocations.

Dislocations on
GaN substrate

Solution
growth

Screw dislocation-driven
epitaxial ZnO nanowires

100 nm

3 µm

100 nm500 nm

Fig. 17.26 Schematic illustration of dislocation-driven growth of
ZnO NWs seeded by screw dislocations in GaN substrates (af-
ter [17.47])

17.6 Applications

The dislocation-driven nanomaterial growth mechanism
is a general mechanism that can apply to any mater-
ial. It does not require catalysts that form eutectics
with the targeted nanomaterials and does not depend
on the same material compatibility; therefore, more ma-
terials can be grown in the anisotropic fashion dictated
by the dislocation. Another significant advantage of
dislocation-driven growth is that it can be conveniently
implemented in low-temperature aqueous solutions,
which can lead to less expensive and energy-intensive
production of anisotropic nanostructures of many useful
materials. Furthermore, dislocation-driven growth op-
erates at low supersaturation, which is essentially the
near-equilibrium state. In this sense, the consumption of
the precursors is low, so that the synthesis can be more
cost-efficient.

Particularly for the significant applications of NWs
and NTs in renewable energy, such as solar energy
conversion, battery electrodes, and thermoelectrics,
large amounts of ecologically sustainable nanomate-
rials made at low cost are demanded to address the
large-scale energy challenges. Some Earth-abundant
semiconductor materials that are promising for solar
energy and other renewable energy applications suf-
fer from poor mobility, carrier density, or minority
carrier diffusion length. For many of these unconven-
tional abundant materials, new design concepts based
on nanoscale materials such as NWs may enhance
their utility, because the nanoscale dimensions may cir-
cumvent their shortcomings or make them much more
tolerable for applications [17.6, 87–90].

A good example are the nanomaterials of vari-
ous iron-based compounds such as α-Fe2O3 (hematite,

bandgap 2.1 eV) [17.89, 91], β-FeS2 (pyrite, bandgap
0.95 eV) [17.92,93], and FeF3 [17.94,95]. Because iron
(Fe) is the fourth most abundant element in the Earth’s
crust, these compounds have the potential to meet or
exceed the annual worldwide energy demand at a signif-
icantly lower material production cost over traditional
or leading solar materials that are based on rare ele-
ments such as indium, gallium, and selenium [17.96];
For example, hematite has been intensively studied
because it is a promising photoanode material for cat-
alyzing photoelectrochemical (PEC) water splitting,
yet the performance of hematite electrodes still suf-
fers from its poor semiconducting properties [17.89,
91]. NWs of hematite could circumvent its shortcom-
ings, and they can be conveniently converted from
screw-dislocation-driven α-FeOOH NWs via thermal
annealing [17.58].

Iron fluoride (FeF3), on the other hand, is a promis-
ing high-capacity Li-ion battery cathode material that
is much cheaper than the current lithium cobalt ox-
ide (LiCoO2) cathode material [17.94]. However, such
promise has been held back by the slow ionic dif-
fusion and low conductivity of FeF3. FeF3 ·3H2O
NWs have been synthesized following the guideline of
dislocation-driven NW growth at gram scale in solution
using low-concentration iron(III) nitrate and hydrofluo-
ric acid as precursors (Fig. 17.27a) [17.95]. Due to the
high solubility of FeF3 ·3H2O in water (5.92 g/100 g
H2O at 25 ◦C), ethanol was chosen as the solvent, in
which FeF3 ·3H2O dissolves very little [17.97]. F− is
a good complexing ligand for Fe3+ to make the stable
FeF3−

6 complex (Kf = 1015.04) [17.98], which effec-
tively maintains the low supersaturation environment

Part
C

1
7
.6



660 Part C NanoCeramics
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b) Hematite NWs

α-FeF3· 3H2O NWs
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Fig. 17.27a,b Application of screw-dislocation-driven nanomaterials in solar energy conversion. SEM images of as-
synthesized α-FeF3 ·3H2O NWs (a) and converted hematite NW photoelectrode (b); photocurrent densities J versus
bias voltage (V versus RHE) under AM1.5 G simulated solar light at 100 mW/cm2 for hematite NW photoelectrodes of
various thicknesses (after [17.16])

to favor NW growth. The following two reactions are
responsible for NW growth:

Fe3+ +6F− → FeF3−
6 , (17.24)

FeF3−
6 +3H2O � FeF3(H2O)3 +3F− . (17.25)

The H2O in the second equation comes from the
hydrated Fe(III) salt and HF solution. F− and H2O
should be considered as both reactants and ligands
to the Fe3+ ions. This equilibrium likely helps main-
tain a constant and low supersaturation of FeF3(H2O)3,
which is considered to be the precursor of crystal

growth for α-FeF3 ·3H2O [17.99, 100]. The growth of
α-FeF3 ·3H2O NWs is likely driven by screw disloca-
tions given the low supersaturation conditions applied
in the synthesis [17.18–20], but the as-grown NW sam-
ples are not electron-beam stable due to the easy loss
of lattice water, and thus it is impossible to either con-
firm or disprove this hypothesis. These α-FeF3 ·3H2O
NWs can be readily converted to semiconducting
α-Fe2O3 (hematite) NWs (Fig. 17.27b), which exhib-
ited respectable PEC performance of 0.54 mA/cm2

photocurrent density at 1.23 V versus reversible hydro-
gen electrode potential (Fig. 17.27c).

17.7 Summary and Perspectives

This chapter has illustrated that the screw-dislocation-
driven growth mechanism is applicable to many nano-
materials grown in solution or vapor phase, with the
families of materials involved ranging from oxides and
hydroxides, nitrides, chalcogenides, to metals. As the
understanding of dislocation-driven growth deepens,
this list of examples will continue to expand in the
future. The procedures for microstructural characteri-
zation and confirmation of dislocation-driven growth
discussed above can guide future work on searching
for dislocation-driven growth. Moreover, the disloca-
tion mechanism and elasticity theory could be used to
explain other intriguing crystal growth phenomena that

are commonly observed but often unconvincingly ex-
plained.

Fundamental studies on dislocation-driven nanoma-
terial growth not only enhance the understanding of
anisotropic crystal growth but also open up the exploita-
tion of large-scale, low-cost solution growth for rational
catalyst-free synthesis of anisotropic nanomaterials for
diverse applications, such as those for renewable en-
ergy. The discussion in Sect. 17.5 established a general
framework for rational design of dislocation-driven
growth of nanomaterials.

It can also be expected that by utilizing dislocations
one can fabricate more complex structures, such as het-

Part
C

1
7
.7



Growth of Nanomaterials by Screw Dislocation References 661

erojunctions with abrupt crystal interface, which could
be of more interest than simple NWs/NTs for many ap-
plications, including solar energy conversion [17.101].
Engineering the locations and density of dislocations
in substrates can enable control over the location and
morphology of dislocation-driven NWs. Furthermore,
it is interesting to investigate how a single axial screw

dislocation affects the physical properties of a single
NW, including its electrical and mechanical properties.
Deeper understanding of the screw-dislocation-driven
growth of nanomaterials and their properties, and bet-
ter control over such growth, will lead to a new stage
of nanomaterial design and production for various
applications.
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