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Preface

Ever since the developments of blue light-emitting diodes and laser diodes using
epitaxial GaN thin films, III-nitride compounds such as AlN, GaN, and InN have
been paid much attention for the use of light emission over a wide range of
wavelengths. To improve the device performance of these materials, strict control
over the growth conditions and thorough understanding of surface reconstructions
and the growth kinetics are essential. In particular, the surface reconstructions and
the growth kinetics are crucial for understanding the physics and the chemistry on
various technological stages in III-nitride growth.

In this book, we present a unified treatment for the growth mechanisms of
epitaxial growth in III-nitride compounds on the basis of state-of-the-art compu-
tational approach using ab initio calculations, empirical interatomic potentials, and
Monte Carlo simulations. This book is the first attempt to gather together the
information of theoretical/computational aspects of the growth of III-nitrides, which
is scattered in the scientific literature, into a single comprehensive work. The most
fundamental and basic aspects of the crystal growth of III-nitride compounds are
presented, along with the underlying scientific principles. We also provide the
readers with important theoretical aspects of surface structures and elemental
growth processes during the epitaxial growth of III-nitride compounds. The book
features advanced discussion of fundamental structural and electronic properties,
surface structures, fundamental growth processes, and novel behavior of thin films
in III-nitride compounds.

This book will serve as a great practical use to researchers, engineers, and
graduate students seeking advanced knowledge of the crystal growth and the
application of III-nitride compounds. We hope that the book provides the readers
with valuable insight and perspective into this rapidly developing and important
field.

Some figures in this book were reproduced from several journals, owing to the
kind permission granted by authors and publishers. We would like to express our
sincere gratitude and deep appreciation to the following publishers: the American
Institute of Physics, Japan Society of Applied Physics, Elsevier Science
Publisher B.V., and John Wiley & Sons. Funding from the Japan Society for the
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Promotion of Science and the Japan Science and Technology Agency is also greatly
appreciated.

We have benefitted from many discussions with colleagues about subjects in this
book, especially Prof. Takashi Matsuoka of Institute for Materials Research at
Tohoku University, Prof. Tadeusz Suski and Prof. Izabela Gorczyca of Institute of
High Pressure Physics, Polish Academy of Sciences, Warsaw, Poland.

Tsu, Japan Toru Akiyama
Tsu, Japan Tomonori Ito
Fukuoka, Japan Yoshihiro Kangawa
Chiba, Japan Takashi Nakayama
Nagoya, Japan Kenji Shiraishi
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Chapter 1
Introduction

Tomonori Ito

Since the successful fabrication of high-quality epitaxial GaN in 1990s, which leads
to the development of blue light-emitting diodes and laser diodes, a new frontier in
optoelectronics have been opened up. This chapter provides the purpose and outline
of the book with original references related to the crystal growth of III-nitride
compounds, such as AlN, GaN, and InN. The aim of this chapter is to lay out the
role of theoretical works in clarifying the epitaxial growth of III-nitrides and to
present an overview of the challenges in the theoretical-computational approach for
various issues of III-nitride compounds.

1.1 Purpose of the Book

Blue light-emitting diodes (LEDs) and laser diodes (LDs) have been successfully
developed because of the successful fabrication of high-quality epitaxial GaN thin
films [1–3] along with improvements in device fabrication techniques in 1990s [4,
5]. III-nitride compounds such as AlN and InN in addition to GaN have been also
paid much attention because of their unique suitability for light emission over a
wide range of wave lengths that was not previously accessible with solid-state light
emitters. To achieve the green lasing, for example, there is an increasing interest in
crystal growth of InxGa1-xN alloy system with an In incorporation of approximately
25% in InGaN/GaN quantum wells [6–8]. Moreover, high Al-content AlGaN have
attracted much attention as a key material for devices emitting at deep-ultraviolet
wave length [9–12]. To improve the device performance of these materials, strict
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control over the growth conditions and thorough understanding of surface recon-
structions are essential. The surface structure determines the morphology, the
incorporation of the host and the impurity atoms, and the crystal quality. Therefore,
the surface reconstructions and the growth kinetics on them are also crucial for
understanding the physics and the chemistry on various technological stages in
III-nitride growth. So far a lot of theoretical works have been carried out to
investigate the surface structures of semiconductors using ab initio calculation that
is a promising tool for clarifying the complicated growth processes because of its
ability to calculate electronic structures and total energy [13–16]. Other calculation
methods, such as empirical interatomic potential, Monte Carlo (MC) simulation,
and thermodynamic approach, have also been devised for use in combination with
ab initio calculations to elucidate growth-related problems such as dislocation
formation, adatom kinetics, and macroscopic behavior during the crystal growth
[17, 18]. In this book, we review the development of these computational methods
and discuss a wide range of growth-related problems. One such problem is the
surface phase diagram calculations incorporating growth conditions that establish
the basis of rigorous investigation of the growth-related properties. We provide an
overview of these issues and latest achievements to illustrate the capability of the
theoretical-computational approach by comparing experimental results and making
precise predictions. We will examine the III-nitride compounds including AlN,
GaN, InN, and their alloys that are most applicable to LEDs and LDs.

1.2 Outline of the Book

The relationship among these issues including computational methods and various
material properties described in this book is shown in Table 1.1. Pseudopotential
methods used in our study are typical examples of computational methods for
investigating fundamental properties such as crystal structure, electronic band
structure, and adsorption energy in this table. This table reveals that these issues are
not independent of each other but are closely interrelated. Therefore, these various
issues have to be systematically investigated in considering future prospects in
computational materials science for semiconductor epitaxial growth including
III-nitride growth. To this end, Chap. 2 briefly reviews various computational
methods along with their input parameters to present ab initio calculations as the
base of the computational methods, empirical interatomic potentials applicable for
use in the simulation of complex systems with a large number of atoms, and MC
simulations used for investigating kinetic behavior at finite temperatures.

Chapter 3 deals with prototypical results of fundamental properties in bulk state,
such as crystal structure and electronic band structure of III-nitride compounds
obtained by the ab initio calculations. Furthermore, miscibility of III-nitride alloy
semiconductors, dislocation core structure in III-nitride compounds, and composi-
tional inhomogeneity around threading dislocations in of III-nitride alloy semicon-
ductors are investigated by empirical interatomic potentials and MC simulations.

2 T. Ito



Surface phase diagrams for III-nitride compounds with various surface orientations,
which have been explored extensively by ab initio-based approach incorporating
growth temperature and gas pressure, are taken up in Chap. 4. This chapter

Table 1.1 Relationship between computational methods and contents described in this book

Computational methods Contents

Ab initio calculations 3.1 Crystal structure and structural stability
3.2 Electronic band structure
4.1 Surface phase diagram calculations
4.2 Surface reconstructions on III-nitride semiconductor surfaces
4.3 Hydrogen adsorption on III-nitride semiconductor surfaces
5.2 Surface phase diagram of InN under MOVPE condition
5.3 Growth of InN by pressurized-reactor MOVPE
7.1 Atom kinetics on AlN polar surfaces during MOVPE
7.2 Adatom kinetics on semipolar AlN 11�22ð Þ surface during
MOVPE
7.3 Adatom kinetics on semipolar AlN 1�101ð Þ and 1�102ð Þ surfaces
during MOVPE
7.4 Adsorption behavior of Al and N atoms on nonpolar 4H-SiC
11�22ð Þ surface
8.1 Surface polarity inversion
8.2 Electron carrier generation by dislocation
8.3 Schottky barrier at metal/InN interface
9.1 Defects in indium-related nitride semiconductors
9.2 Structural design of AlN/GaN superlattices for deep UV LEDs
10.1 Structure and electronic states of Mg incorporated InN surfaces
10.2 Magnesium incorporation on semipolar GaN 1�101ð Þ surfaces
10.3 Carbon incorporation on semipolar GaN 1�101ð Þ surfaces
10.4 Stability of nitrogen incorporated Al2O3 surfaces
10.5 Chemical and structural change during nitridation of Al2O3

surfaces

Empirical interatomic
potentials

3.3 Miscibility of III-nitride alloy semiconductors
3.4 Dislocation core structures
3.5 Compositional inhomogeneity around threading dislocations
6.1 Atomic arrangement in InGaN
6.2 In incorporation in InGaN QWs

Monte Carlo simulations 3.5 Compositional inhomogeneity around threading dislocations
6.1 Atomic arrangement in InGaN
7.1 Atom kinetics on AlN polar surfaces during MOVPE
7.2 Adatom kinetics on semipolar AlN 11�22ð Þ surface during
MOVPE
7.3 Adatom kinetics on semipolar AlN 1�101ð Þ and 1�102ð Þ surfaces
during MOVPE
7.4 Adsorption behavior of Al and N atoms on nonpolar 4H-SiC
11�22ð Þ surface
10.5 Chemical and structural change during nitridation of Al2O3

surfaces

Thermodynamic analysis 5.2 Surface phase diagram of InN under MOVPE condition
5.3 Growth of InN by pressurized-reactor MOVPE
6.2 In incorporation in InGaN QWs

1 Introduction 3



introduces the methodologies and summarizes surface phase diagrams for III-nitride
compounds with/without hydrogen important for metal organic vapor phase epitaxy
(MOVPE) with hydrogen and molecular beam epitaxy (MBE) without hydrogen. In
Chap. 5, MOVPE growth of InN is illustrated by combining thermodynamic
approach incorporating Gibbs free energies and ab initio-based approach. In par-
ticular, influences of N/III ratio, growth orientation and total pressure on the growth
phenomena such as decomposition of material are discussed in detail. Structural
stability of InN during pressurized-reactor MOVPE is also clarified in this chapter.
Chapter 6 reviews atomic arrangement in InGaN and In incorporation in InGaN
quantum well using empirical interatomic potentials and MC simulations. Here the
effect of lattice constraint is crucial to control the composition of coherently grown
InxGa1-xN on InyGa1-yN. Systematic investigations of initial growth processes of
III-nitride compounds are given in Chap. 7. Adatom kinetics on AlN polar, nonpolar,
and semipolar surfaces during MOVPE growth are shown using MC simulations on
the basis of the results of adsorption-desorption, and migration energies obtained by
ab initio calculations.

From Chaps. 8–10, various specific topics for III-nitride compounds are pre-
sented. Chapter 8 describes polarity inversion and electron carrier generation in
III-nitride compounds using ab initio calculations. Microscopic mechanism of the
surface-polarity inversion is proposed exemplifying AlN growth. Origin of unin-
tentional electron carriers in InN films and around their interfaces and surfaces is
also discussed in terms of edge dislocation, Schottky barrier at metal/InN interfaces,
and position of the charge neutrality level of InN. Chapter 9 briefly reviews the
availability of ab initio approach to clarify the electronic and optical properties of
III-nitrides. Unusual narrow band gap found in InN is discussed in terms of
N-vacancy formation and large difference in the covalent radius between In and N.
The possibility for achieving high emission efficiency in deep-ultraviolet LEDs is
also shown utilizing AlN/GaN superlattices. Novel behaviors related to epitaxial
growth of III-nitride compounds is summarized in Chap. 10. Surface phase diagram
calculations as functions of temperature and gas pressure are extended to investigate
Mg incorporation and C incorporation into GaN surfaces during growth. MC
simulations are also applied to N incorporation and initial nitridation processes on
Al2O3 surfaces in this chapter. Several perspectives for realistic simulations are
shown to serve as a guideline for controlling a wide range of properties related to
III-nitride growth throughout these chapters in this book.

References
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(1989)
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Chapter 2
Computational Methods

Tomonori Ito and Toru Akiyama

Computational approach to investigate epitaxial growth of III-nitride compounds is
primarily concerned with the numerical computation of electronic structures by
ab initio calculations and semi-empirical atomistic techniques. Table 2.1 specifies
each of these methods including their advantages and disadvantages. Ab initio
calculations stand for a group of methods in which geometric and electronics
structures can be calculated using the Schrödinger equation with the values of the
fundamental constants and the atomic numbers of the atoms present. Geometric and
electronic structures of real materials such as III-Nitride compounds can be quan-
titatively achieved without any empirical parameter by use of ab initio calculations.
This method requires no parameters other than fundamental constants of nature,
such as mass and charge of electrons and atoms, atomic number, and atomic vol-
ume in a given system. However, the applications of ab initio calculations are
currently limited due to large computational efforts. In order for applications to
dynamic treatments such as molecular dynamics (MD) method and Mote Carlo
(MC) method in the simulations of complex systems with a large number of atoms,
empirical interatomic potentials for semiconductors have also been proposed by
many authors. In this chapter, we provide an overview of various computational
methods to discuss a wide range of issues related to III-Nitride compounds. In
Sect. 2.1, we briefly describe ab initio calculations. The calculation methods for
empirical interatomic potentials are described in Sect. 2.2. MC method, which is
used to clarify various phenomena at finite temperature, is also explained in
Sect. 2.3.
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2.1 Ab Initio Calculations

In this Section, the fundamental aspects of ab initio calculations, such as
density-functional theory (DFT) and its approximations for practical applications,
are briefly described. The computational techniques that are widely used in current
ab initio calculations, such as plane-wave basis set, calculation models, and pseu-
dopotential approach, are also explained.

2.1.1 Density-Functional Theory

Ab initio calculation methods are computational condensed matters physics
methods based on DFT, which is a quantum mechanical approach to solve many
body electron systems. The density functional theory, developed by Hohenberg and
Kohn [1] and Kohn and Sham, [2] provides a simple method for describing
exchange and correlation effects of electrons. Hohenberg and Kohn have proved
that the total energy is a unique functional of the electron density. The minimum
value of the total-energy functional corresponds to the ground-state energy of the
system. The density which yields this minimum value is the exact ground-state
density. Kohn and Sham [2] have then shown how to replace the many-body
electron problem by an exactly equivalent set of self-consistent one-electron
equations.

Table 2.1 Specifications of computational methods in ab initio calculations and empirical
interatomic potentials, and their advantages and disadvantages

Method type Advantages Disadvantages Suitable system

Ab initio calculations
(using quantum
physics)

• Useful for a broad
range of systems

• Independent of
experimental data

• Capable of
calculating transition
states and excited
states

• Computationally
expensive

• Small systems
(hundreds of
atoms)
• Systems without
available
experimental
data

Empirical interatomic
potentials (using
classical physics)

• Computationally least
intensive

• Fast and useful with
limited computer
resources

• Applicable only
for a limited
class of system

• Unable to
calculate
electronic
properties

• Require
experimental
data

• Large systems
(thousands of
atoms)
• Dynamical
processes

• Nonequilibrium
processes

10 T. Ito and T. Akiyama



The Kohn-Sham total-energy functional Etot n rð Þ½ � for the ground state of a
system of interacting electrons in the external field v rð Þ can be written as a func-
tional of charge density n rð Þ (atomic units are used):

Etot n rð Þ½ � ¼ Ts n rð Þ½ � þ 1
2

Z
drdr0

n rð Þn r0ð Þ
r� r0j j þ

Z
drv rð Þn rð ÞþExc n rð Þ½ �; ð2:1Þ

where Ts n rð Þ½ � is the kinetic energy of the non-interacting electrons, the second term
is electronic Coulomb interaction, and Exc n rð Þ½ � is the exchange-correlation energy
which includes many-body effects of interacting electrons.

According to the minimum property of the total energy for the ground-state
charge density, we can derive the following Euler’s equation for the N-electron
system:

d Etot n rð Þ½ � � l
Z

drn rð Þ
� �

¼ 0; ð2:2Þ

where l is the Lagrange multiplier in the condition for n rð Þ given by,

Z
drn rð Þ ¼ N: ð2:3Þ

Equation (2.2) is satisfied if the following set of Kohn-Sham equations is solved
self-consistently:

� 1
2
r2 þ veff rð Þ

� �
wi rð Þ ¼ eiwi rð Þ; ð2:4Þ

veff rð Þ ¼ v rð ÞþVH rð ÞþVxc rð Þ; ð2:5Þ

and

n rð Þ ¼
XN
i¼1

wi rð Þj j2: ð2:6Þ

Here, wi rð Þf g are orthonormal eigenfunctions, eif g are the associated eigenvalues
of the Schrödinger-type equation in (2.4), VH rð Þ is the Hartree potential written as,

VH rð Þ ¼ Z
dr0

n r0ð Þ
r� r0j j ; ð2:7Þ

and Vxc rð Þ is the exchange-correlation potential defined by the functional derivative
expressed as

2 Computational Methods 11



Vxc rð Þ ¼ dExc n rð Þ½ �
dn rð Þ : ð2:8Þ

In the density functional theory, quantum many-body effects are incorporated in
the formal exchange-correlation energy functional Exc n rð Þ½ �. The Kohn-Sham
equations represent a mapping of the interacting many-electron system into a
system of non-interacting electrons moving in an effective potential veff rð Þ caused
by all the other electrons. If the exchange-correlation energy functional were known
exactly, the exchange-correlation potential which includes the effects of exchange
and correlation exactly is in principle obtained by taking the functional derivative
with respect to the density, and then the many-body problem of interacting elec-
trons is solved exactly. The Kohn-Sham equation must be solved self-consistently
so that the occupied electronic states generate a charge density which produces the
electronic potential used to construct the equations. The procedure to obtain iter-
ative solution of the Kohn-Sham equations is shown in Fig. 2.1. The total energy is
obtained from the eigenfunctions of the Kohn-Sham equation:

Etot n rð Þ½ � ¼ � 1
2

XN
i¼1

Z
drw�

i rð Þr2wi rð Þþ 1
2

Z
drdr0

n rð Þn r0ð Þ
r� r0j j

þ
Z

drv rð Þn rð ÞþExc n rð Þ½ �;
ð2:9Þ

where the density n rð Þ is calculated by using (2.6). In the density functional theory,
the total energy is primarily meaningful. The Kohn-Sham eigenvalues are not,
strictly speaking, the energies of the quasi-particle electron states, but rather the
derivatives of the total energy with respect to the occupation numbers of these

Fig. 2.1 Schematic representation of iterative solution of Kohn-Sham equations. This kind of
computation is performed using numerical programs
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states. However, in practice, optically observed excitation spectrum is qualitatively
understood by the one-electron Kohn-Sham eigenvalues which are solved by (2.4),
(2.5), and (2.6).

The simplest method for describing the exchange-correlation energy as a func-
tion of the electron density is to use the local density approximation (LDA). In the
LDA, the exchange-correlation energy of an electronic system is constructed by
assuming that the exchange-correlation energy per electron at a point r is equal to
that in a homogeneous electron gas with the same density n0 ¼ n rð Þ. Therefore, the
exchange-correlation energy Exc n rð Þ½ � and the exchange-correlation potential
Vxc n rð Þ½ � are expressed as

Exc n rð Þ½ � ¼ Z
drn rð Þ�xc n rð Þ½ �; ð2:10Þ

and

Vxc rð Þ ¼ dExc n rð Þ½ �
dn rð Þ ¼ @ n rð Þ�xc n rð Þ½ �½ �

@n rð Þ ; ð2:11Þ

respectively. Here, �xc n0½ � is the exchange-correlation energy per electron of the
homogeneous system with charge density n0. For the LDA, the parameterization by
Perdew and Zunger [3] which links to the exact exchange-correlation energy of the
homogeneous electron gas calculated by Cerpley and Alder using Green’s function
quantum Monte Carlo method [4] is widely used. The exchange-correlation energy
functional of Perdew-Zunger parameterization (including the spin polarization)
Exc n" rð Þ; n# rð Þ� �

in (2.10) is divided to exchange functional Ex n" rð Þ; n# rð Þ� �
and

correlation functional Ec n" rð Þ; n# rð Þ� �
:

Exc n" rð Þ; n# rð Þ� � ¼ Ex n" rð Þ; n# rð Þ� �þEc n" rð Þ; n# rð Þ� �
; ð2:12Þ

For the exchange functional Ex n" rð Þ; n# rð Þ� �
, it is given by

Ex n" rð Þ; n# rð Þ� � ¼ 1
2
Ex n" rð Þ� �þ 1

2
Ex n# rð Þ� �

; ð2:13Þ

Ex n rð Þ½ � ¼
Z

drn rð Þ�unifx n rð Þ½ �; ð2:14Þ

where

�unifx n rð Þ½ � ¼ � 3kF
4p

; ð2:15Þ

kF ¼ 3p2n rð Þ� �1
3: ð2:16Þ
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For the correlation functional, it is written as

Ec n" rð Þ; n# rð Þ� � ¼ Z
drn rð Þ�c rs rð Þ; 1 rð Þ½ � ð2:17Þ

rs rð Þ ¼ 3
4pn rð Þ

� 	1
3

; ð2:18Þ

1 rð Þ ¼ n" rð Þ � n# rð Þ
n rð Þ ; ð2:19Þ

�c rs rð Þ; 1 rð Þ½ � ¼ �c rs; 0ð Þþ f 1 rð Þ½ � �c rs; 0ð Þ � �c rs; 1ð Þ½ �; ð2:20Þ

f 1 rð Þ½ � ¼ 1þ 1 rð Þf g4
3 þ 1� 1 rð Þf g4

3�2

2
4
3 � 2

; ð2:21Þ

where �c rs; 0ð Þ and �c rs; 0ð Þ are fitted by the following functional form G rsð Þ, which
is given by

G rsð Þ ¼ c= 1þ b1r
1=2
s þ b2rs


 �
rs � 1ð Þ

A ln rs þBþCrs ln rs þDrs rs\1ð Þ:
�

ð2:22Þ

The fitting parameters are shown in Table 2.2.
In order to solve the Kohn-Sham equation expressed as (2.4), we have to derive

the exchange-correlation potential Vxc rð Þ ¼ dExc n rð Þ½ �=dn rð Þ in (2.8). The func-
tional derivative for the exchange potential for each spin component (r ¼" or ↓) in
(2.8) is expressed as,

dEx n" rð Þ; n# rð Þ� �
dnr rð Þ ¼ 4

3
�unifx n rð Þ½ �; ð2:23Þ

and that for the correlation functional is written as,

Table 2.2 Parameters for the
correlation functional form in
the LDA by Perdew and
Zunger in [3]

�c rs; 0ð Þ �c rs; 1ð Þ
c −0.1423 −0.0843

b1 1.0529 1.3981

b2 0.3334 0.2611

A 0.0311 0.01555

B −0.048 −0.0269

C 0.0020 0.0007

D −0.0116 −0.0048
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dEc n" rð Þ; n# rð Þ� �
dnr rð Þ ¼ �c rs rð Þ; 1 rð Þ½ �

� rs
3
@�c rs rð Þ; 1 rð Þ½ �

@rs rð Þ þ sgn rð Þ � 1 rð Þð Þ @�c rs rð Þ; 1 rð Þ½ �
@1 rð Þ ;

ð2:24Þ

where

@�c rs rð Þ; 1 rð Þ½ �
@rs rð Þ ¼ @�c rs rð Þ; 0½ �

@rs rð Þ þ f 1 rð Þ½ � @�c rs rð Þ; 0½ �
@rs rð Þ � @�c rs rð Þ; 1½ �

@rs rð Þ
� �

; ð2:25Þ

@�c rs rð Þ; 1 rð Þ½ �
@1 rð Þ ¼ f 0 1 rð Þ½ � �c rs; 0ð Þ � �c rs; 1ð Þf g; ð2:26Þ

f 0 1 rð Þ½ � ¼ 4
3

1þ 1 rð Þf g1
3 þ 1� 1 rð Þf g1

3

24=3 � 2
: ð2:27Þ

The correlation potential @�c rs rð Þ; 0½ �=@rs rð Þ and @�c rs rð Þ; 1½ �=@rs rð Þ are also given
by the functional from G rsð Þ, which is given by

dG
drs

rsð Þ ¼ �c 1
2 b1r

�1
2

s þ b2
� 


= 1þ b1r
1=2
s þ b2rs


 �
rs � 1ð Þ

A
rs
þBþCðln rs þ 1ÞþD rs\1ð Þ:

(
ð2:28Þ

Detailed description of correlation functionals is discussed in [3].
The LDA has been used successfully in solid state physics: The ground-state

properties of atoms, molecules, and solids agree with experiments. Recently,
functional forms for the exchange-correlation energy using additional information
about the electron gas of slowly varying density have been developed by many
authors. In these functional forms called generalized gradient approximation, GGA,
the effects of the charge gradient are included. The exchange-correlation functional
Exc n rð Þ½ � in the GGA is with the form written as

Exc n rð Þ½ � ¼
Z

drn rð Þf n rð Þ;rn rð Þð Þ: ð2:29Þ

This semi-local functional has demonstrated useful improvement over the LDA: In
comparison with the LDA, the GGA tend to improve the total energies, atomization
energies, and energy barriers. The functional form parameterized by Perdew and
Wang (GGA-PW91), [5] and the form by Perdew, Burke, and Ernzerhof
(GGA-PBE96) are currently used for solid phase materials [6]. These functionals
are free from empirical parameters. Details of the functional forms in the GGA are
described in [5, 6].
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More recently, a class of approximations to the exchange-correlation energy
functional that incorporate a portion of exact exchange energy from Hartree-Fock
approximation has been developed as a hybrid density functional approach. The
hybrid exchange-correlation functionals are usually constructed as a linear combi-
nation of the Hartree–Fock exact exchange functional and exchange and correlation
explicit density functionals. The parameters determining the weight of each indi-
vidual functional are typically determined to reproduce the experimental or accurately
calculated thermochemical data. One of the most commonly used versions is B3LYP,
which stands for Becke, 3-parameter, and Lee-Yang-Parr [7, 8]. In order to improve
computational efficiency, Heyd, Scuseria, and Ernzerhof used an error function
screened Coulomb potential to calculate the exchange portion of the energy [9].

The total energy calculations within the LDA and GGA have been successfully
used to predict physical properties of solids, such as equilibrium lattice constants,
bulk moduli, piezoelectric constants, and phase-transition pressures and tempera-
tures [10, 11]. However, it is well known that the energy gap of semiconductors
calculated using the LDA and GGA underestimates the experimentally observed
values. One of possible origins for the underestimation of the energy gap is that the
density-functional theory in principles guarantees only the ground-state energy of
the system. The excited-state energies of semiconductors from the Kohn-Sham
equation are not justified. The underestimation can be improved by the calculations
of self-energy in terms of the single particle Green’s function G and the screened
Coulomb interaction W , called GW approximation [12–14].

2.1.2 Plane-Wave Basis Set

Due to the Kohn-Sham equation presented in Sect. 2.1.1, the many-body problem
of electrons can be mapped into an effective single-particle problem. However,
there still remains a formidable task of handling an infinite number of electrons
moving in the infinite number of nuclei or ions. This task can be executed by
performing calculations on periodic systems and applying Bloch’s theorem to the
electronic wavefunctions.

The Bloch’s theorem states that in a periodic solid each electronic wavefunction
can be written as the product of a cell-periodic part and a wave-like part. The
cell-periodic part of the wavefunction can be expanded using a basis set consisting
of a discrete set of plane waves whose wave vectors are reciprocal lattice vectors of
the cell. Then the wave function has the form written as,

wi rð Þ ¼
X
G

ci;kþGexp i kþGð Þ � rf g; ð2:30Þ

Here the reciprocal lattice vectors G are defined by G � l ¼ 2pm (l is the lattice
vector of the crystal and m is an integer). In principle, an infinite plane-wave basis
set is required to expand the electronic wavefunctions. However, the coefficients
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ci;kþG for the plane waves with small kinetic energy kþGj j2=2 are practically
more important than those with large kinetic energy. Thus, the plane-wave basis set
can be truncated to include only plane waves whose kinetic energies are less than
some particular cutoff energy. The truncation of the plane-wave basis set at the
finite cutoff energy will lead to an error in the computed total energy. However, it is
possible to reduce the magnitude of the error by increasing the value of the cutoff
energy.

When the plane waves are used as a basis set for the electronic wavefunctions,
the Kohn-Sham equation is transformed into a simple form. Substitution of (2.30)
into (2.4) and integration over r gives the secular equation written as

X
G0

kþGj j2
2

dGG0 þ v G�G0ð Þ þVH G�G0ð Þ þVxc G�G0ð Þ
" #

ci;kþG0 ¼ eici;kþG0 ;

ð2:31Þ

where v Gð Þ, VH Gð Þ, and Vxc Gð Þ are the Fourier transformed external, Hartree, and
exchange-correlation potentials, respectively. In this form, the kinetic energy is
diagonal, and the various potentials are described in terms of their Fourier trans-
forms. The solution of (2.31) proceeds by diagonalization of the Hamiltonian
matrix HkþG;kþG0 given by the terms in brackets. The size of the matrix is
determined by the choice of cutoff energy kþGj j2=2, and will be intractably large
for the systems that contain both valence and core electrons. This is a severe
problem, but it can be overcome by the use of pseudopotentials as explained in
Sect. 2.1.3.

The calculations using the plane-wave basis set are in principle applied for
periodic crystalline solids. However, the calculations can be approximately per-
formed for the nonperiodic system containing a point defect or a crystal surface if
we use the unit cell of periodic system as follows: The unit cell for a point defect in
solids is schematically illustrated in Fig. 2.2a. The unit cell contains a defect

Fig. 2.2 Schematic illustration of calculation models for (a) point defect (vacancy) in a bulk solid,
and (b) surface of a bulk solid. Circles and sticks represent atoms and bonds, respectively. Square
represents the unit cell of calculation model
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surrounded by a region of bulk crystal. Since the periodic boundary conditions are
applied to the unit cell of periodic system, the energy per unit cell of the crystal
containing an array of defects rather than that of a crystal containing an isolated
defect is obtained. It is thus essential to incorporate enough bulk solid in the unit
cell to eliminate the interaction of defects between the adjacent cells.

The unit cell for surfaces and interfaces is schematically illustrated in Fig. 2.2b.
The unit cell contains a crystal slab and a vacuum region. Since the unit cell is
repeated along the direction perpendicular to the crystal slab, the total energy of an
array of crystal slab is calculated. To ensure that the results of the calculation
accurately represent an isolated surface, the vacuum regions must be wide enough
so that the adjacent crystal slabs do not interact through the vacuum region, and the
crystal slabs must be thick enough so that the two surfaces of each crystal slab do
not interact through the bulk crystal.

The Bloch’s theorem changes the problem of calculating an infinite number of
electronic wavefunctions to a finite number of electronic wavefunctions at an
infinite number of k points. Since occupied states at each k point contribute to the
electronic potential, an infinite number of calculations are necessary to compute this
potential in principle. However, it is possible to represent the electronic wave-
functions in a region of k space by the wavefunction at a single k point in the
region. In this case, the electronic states at only a finite number of k points are
required to calculate the electronic potential, and hence determine the total energy.
The calculations of the electronic states with special k points in the Brillouin zone
[15, 16] enable us to obtain an accurate electronic potential and total energy of an
insulator or a semiconductor with a very small number of k points. The electronic
potential and the total energy of a metallic system are more difficult to obtain than
those of insulator or semiconductor because a dense set of k points is required to
define the fermi surface. However, the magnitude of error in the total energy due to
inadequacy of the k-point sampling can be reduced by using a denser set of k
points.

2.1.3 Ab Initio Pseudopotential Method

If we use the plane-wave basis formalism, which is one of the simplest formalism to
implement solids, expanding the core wave functions or the core oscillatory region
of valence wave functions into plane wave function into plane waves is extremely
inefficient. Since a very large number of plane waves are required to describe the
tightly bound core orbitals and the rapid oscillations of the wavefunctions of va-
lence electrons in the core region, a vast amount of computational time is required
to calculate the electronic wavefunctions. Hence, the replacement of an atomic
potential by a pseudopotential which is more smooth function in the core region
should reduce the magnitude of computational effort. The pseudopotential method
allows the electronic wavefunctions to be expanded using a much smaller number
of plane-wave basis set. Furthermore, it is well known that most of the physical
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properties of solids depend on valence electrons rather than core electrons. This
pseudopotential exploits the characteristic features of valence electrons by
removing the core electrons and replacing the strong ionic potential with a weaker
pseudopotential that acts on a set of pseudo wavefunctions rather than the true
valence wavefunctions, as shown in Fig. 2.3. The pseudopotential is constructed so
that its scattering properties for the pseudo wavefunctions are identical to the
scattering properties of the true potential for the real valence wavefunctions. Since a
phase shift caused by the ion core is different for each angular momentum com-
ponent of the valence wavefunction, the scattering from the pseudopotential must
be angular momentum dependent. The most general form of a ionic pseudopotential
Vion is divided by a local part VPP

ion;local and a nonlocal part VPP
ion;nonlocal

Vion ¼ VPP
ion;local rð ÞþVPP

ion;nonlocal rð Þ
¼ VPP

ion;local rð Þþ
X

lm
lmiVPP

nonlocal;l rð Þhlm
��� ���; ð2:32Þ

where jlmi is the spherical harmonics and VPP
nonlocal;l rð Þ is the pseudopotential for

angular momentum l. The scattering from the ion core is best described by a
nonlocal pseudopotential that uses a different potential for each angular momentum
component of the wavefunction. In the pseudopotential method, the Kohn-Sham
equation using the plane-wave basis set shown in (2.31) is written as

Fig. 2.3 Schematic of model
for solids with cores and
valence electrons. The
interacting atoms model can
be evolved to a model of
cores, which is composed of
nucleus and core electrons,
and valence electrons
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X
G0

kþGj j2
2

dGG0 þVPP
ion;local G�G0ð Þ þ

X
l

VPP
nonlocal;l kþG; kþG0ð Þ

"

þVH G�G0ð Þ þVxc G�G0ð Þ�ci;kþG0 ¼ eici;kþG0 ;

ð2:33Þ

where the potential VPP
ion;local Gð Þ is the Fourier transformed local potential and the

potential VPP
nonlocal;l G;G0ð Þ is the momentum space representation of the nonlocal

potential lmiVPP
nonlocal;l rð Þhlm

��� ��� [17, 18]. Various types of constructing schemes are

introduced for nonlocal pseudopotentials, and they work extremely well. These
nonlocal pseudopotentials are currently termed first-principles or norm-conserving.

The pseudopotentials currently used in the electronic structure calculation are
generated from all-electron atomic calculation without any empirical parameters.
The constructing procedure of these pseudopotential is to follow four general
condition.

(1) The valence pseudo wave function generated from the pseudopotential should
contain no nodes. This stems from the fact that we would like to construct
smooth pseudo wave functions and therefore the undulations associated with
nodes are undesirable.

(2) The normalized atomic pseudo wave function RPS
l rð Þ with angular momentum l

and the real (all-electron) wave function RAE
l rð Þ agree beyond a chosen cutoff

radius rc which divides core and valence regions,

RPS
l rð Þ ¼ RAE

l rð Þ r� rcð Þ: ð2:34Þ

(3) The integrals from zero to r of the real and pseudo charge densities agree for
r� rc for each valence state (norm conservation),

Z rc

0
dr RPS

l rð Þ�� ��2r2 ¼ Z rc

0
dr RAE

l rð Þ�� ��2r2: ð2:35Þ

(4) The real and pseudo valence eigenvalues must be equal with each other.

The constructed pseudopotentials which fulfill the above conditions are generally
called norm-conserving pseudopotential. The property of the norm conservation
guarantees that electrostatic potential produced outside rc is identical for real and
pseudo charge distribution, and the scattering properties for the pseudo wave
functions are identical to the scattering properties of the ion and the core electrons
for the valence wave functions. There are many constructing schemes of
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norm-conserving pseudopotential. The pseudopotentials constructed by Troullier
and Martins [19] are widely used in current pseudopotential calculations.

The Troullier-Martins pseudopotential is constructed by generalizing the Kerker
procedure [20]. The defined radial part of the pseudo-wave-function RPS

l rð Þ is
written as

RPS
l rð Þ ¼ RPS

l rð Þ r� rcð Þ
rl exp p rð Þf g r\rcð Þ;

�
ð2:36Þ

where p rð Þ is a six-order polynomial in r2 expressed as

p rð Þ ¼
X6

i¼0
c2ir

2i: ð2:37Þ

By inverting the radial Schrödinger equation, we can explicitly obtain the screened
pseudopotential Vl rð Þ as

Vl rð Þ ¼ VAE rð Þ r� rcð Þ
el þ lþ 1

2
p0 rð Þ
2 þ p00 rð Þþ p0 rð Þf g2

2 r\rcð Þ;

(
ð2:38Þ

where VAE rð Þ is the all electron potential, and el is real eigenvalue with angular
momentum l. The seven coefficients of the polynomial are determined from the
following three conditions:

(1) Norm-conserving of charge within the core radius rc,

2c0 þ ln
Z rc

0
drr2 lþ 1ð Þ exp 2p rð Þ � 2c0f g

� �
¼ ln

Z rc

0
dr RAE

l rð Þ�� ��2r2� �
: ð2:39Þ

(2) The continuity of the pseudo wave function, the pseudopotential, and their first
two derivatives at rc,

p rcð Þ ¼ ln
rcRAE

l rcð Þ
rlþ 1
c

� �
; ð2:40Þ

p0 rcð Þ ¼ rcRAE
l rcð Þþ rcR0AE

l rcð Þ
rcRAE

l rcð Þ � lþ 1
rc

; ð2:41Þ

p00 rcð Þ ¼ 2RAE
l rcð Þ � 2el � 2 lþ 1ð Þ

rc
p0 rcð Þ � p0 rcð Þ½ �2; ð2:42Þ
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p rcð Þ000¼ 2R0AE
l rcð Þþ 2 lþ 1ð Þ

r2c
p0 rcð Þ � 2 lþ 1ð Þ

rc
p00 rcð Þ � 2p0 rcð Þp00 rcð Þ; ð2:43Þ

p rcð Þ0000¼ 2R00AE
l rcð Þ � 4 lþ 1ð Þ

r3c
p0 rcð Þþ 4 lþ 1ð Þ

r2c
p00 rcð Þ � 2 lþ 1ð Þ

rc
p000 rcð Þ

� 2 p00 rcð Þ½ �2�2p0 rcð Þp000 rcð Þ; ð2:44Þ

where the primes denote differentiation with respect to r.

(3) The zero curvature of the screened pseudopotential at the origin, V 00
l 0ð Þ ¼ 0:

c22 þ c4 2lþ 5ð Þ ¼ 0: ð2:45Þ

The last condition gives smooth pseudopotential compared with the other
norm-conserving pseudopotential such as Bachelet-Hamann-Schlüter type pseu-
dopotential [21, 22]. The all-electron and pseudo wavefunctions and pseudopo-
tentials obtained for silicon atoms are shown in Fig. 2.4.

Fig. 2.4 Real (solid lines) and pseudo (dashed lines) radial wavefunction for a 3s, b 3p, and c 3d
orbitals and d angular components of pseudopotential for silicon as a function of radius obtained
by the LDA. The cutoff radius rc is 1.8 a.u
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The local potential in (2.32) can be arbitrarily chosen. However, the summation
in (2.32) will needed to be truncated at the same value of l, the local potential
should be chosen so that it adequately reproduces the atomic scattering for all the
higher angular momentum channels. The nonlocal potential VPP

ion;nonlocal rð Þ in (2.32)
can be transformed into a separable form suggested by Kleinman and Bylander [23]

VKB
nonlocal;l rð Þ ¼ Vnonlocal;l rð Þ/l rð Þih/l rð ÞVnonlocal;l rð Þ�� ��

h/l rð ÞjVnonlocal;l rð Þj/l rð Þi ; ð2:46Þ

where /l rð Þ is the atomic pseudo wavefunction with the angular momentum
component. The final expression for the total energy within norm-conserving
pseudopotential method is given by

Etot ¼
X
ri

/rij �
1
2
r2 þ

X
s
VKB
nlocal;l

���/ri

� �
þ

Z
dr

X
s
VPP
ion;local r� Rsð Þn rð Þ

þ 1
2

Z
drdr0

n rð Þn r0ð Þ
r� r0j j þExc n" rð Þ; n# rð Þ� �

;

ð2:47Þ

where j/lri represents the i-th orbital with spin σ (= ↑, ↓), n rð Þ ¼ P
rih/rij/rii is

the total charge density, and s is the index of atom situated at Rs. The substantial
advantage of this separable expression is saving the computer time and storage.
When we use a plane wave basis set to express the wave functions (NPW is the
number of plane wave), the original pseudopotential in reciprocal space for angular
momentum number l is written as

P
i;j kþGjiVnonlocal;l kþGj; kþGi


 �hkþGi

�� ��.
Here, Vnonlocal;l kþGj; kþGi


 �
is expressed as

Vnonlocal;l kþGj; kþGi

 � ¼ 2lþ 1

4pX
Pl cos cð Þ

Z 1

0
drVnonlocal;l rð Þjl kþGj

�� ��r
 �
jl kþGij jrð Þr2;

ð2:48Þ

where jl rð Þ are spherical Bessel functions, Pl cos cð Þ is the Legendre polynomials
with

cos c ¼ kþGið Þ kþGj

 �

kþGij j kþGj

�� �� ; ð2:49Þ

and Ω is the cell volume.
If the separable pseudopotential is used, Vnonlocal;l kþGj; kþGi


 �
is transformed

into VKB
nonlocal;l kþGj; kþGi


 �
expressed as,
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Vnonlocal;l kþGj; kþGi

 � ¼ 1

Xh/l rð ÞjVnonlocal;l rð Þj/l rð Þi
�

Z 1

0
dr/l rð ÞVnonlocal;l rð Þjl kþGj

�� ��r
 �
r2

� �

�
Z 1

0
dr/l rð ÞVnonlocal;l rð Þjl kþGij jrð Þr2

� �
�
Xm

m¼�l
Ylm kþGj


 �
Y�
lm kþGið Þ;

ð2:50Þ

where Ylm Gð Þ are their spherical harmonics. As seen in (2.48) and (2.50), the
number of plane wave integral for each l in the separable pseudopotential is NPW,
while that in the original pseudopotential is NPW NPW þ 1ð Þ=2.

When there are tightly bound orbitals that have a substantial fraction of their
weight inside the core region of the atom, the generation of softer (i.e., computa-
tionally faster) pseudopotentials within the framework of norm-conserving pseu-
dopotentials is substantially difficult, and a high cutoff energy and large number of
plane wave basis set is required to obtain accurate total energy. In order to generate
much softer pseudopotentials, a more radical approach have been suggested by
Vanderbilt, [24] in which the norm conservation condition in (2.35) is relaxed.
These ultrasoft poseudopotentials are allowed to be as soft as possible, and the
number of plane waves can be reduced dramatically. The generation algorithm of
ultrasoft pseudopotentials also guarantees good scattering properties over a
pre-specified energy range. This results in much better transferability and accuracy
of the pseudopotentials.

2.2 Empirical Interatomic Potentials

Along with the development of the ab initio-based approach, empirical interatomic
potentials for semiconductors have been proposed by many authors for application to
dynamic treatments such as molecular dynamic treatment and for use in the simu-
lation of complex systems with a large number of atoms, where the application of
first-principles methods is currently limited by the large computational effort.
Although the two-body interatomic potentials for ionic systems and metals is fairly
well established, the theory of covalent solids is less developed because of the
complexity of stabilizing the open tetrahedral structure of semiconductors, which
require three-body potentials instead of simple two-body pairwise potentials such as
Lennard-Jones and Morse potentials. The oldest empirical three-body potential for
diamond or zinc blende structured semiconductors is the valence-force potential such
as Keating model [25, 26], which has been used with considerable success for
studying phonons, elastic properties, and excess energies of semiconductor alloy
systems. However, it is perturbative in nature, and cannot properly be applied to
systems with large distortion such as various crystal structures, defect structures, and
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surfaces. To treat these more general structures, Stillinger and Weber [27] success-
fully developed an empirical three-body interatomic potential to model melting of
silicon, which consists of separable two- and three-body interactions. Another
important approach closer to bond order form outlined by Abell [28], who noted that
cohesive energies can be modeled by pairwise interactions moderated by the local
environment in attempting to explain the universal cohesive energy curves for var-
ious materials, has been implemented by Tersoff [29] and Khor and Das Sarma [30].

Although these empirical interatomic potentials produced good global fits to
cohesive energies for various crystal structures, elastic constants, and excess
energies for semiconductors and their binary systems, very little systematic attempt
has been made to obtain their empirical interatomic potentials for III-N semicon-
ductors. Most of the potentials are developed for individual materials such as BN
[31, 32] and GaN [33–36] using different formulations. This is because of the
difficulty in universally reproducing the relative stability among threefold coordi-
nated hexagonal (Hex, favored by BN), fourfold coordinated zinc blende (ZB,
commonly appeared in III-V semiconductors), and wurtzite (WZ, stable in AlN,
GaN, and InN) structures. Moreover, successful fabrications of various nanos-
tructures such as nanowires, nanotubes, and nanocolumns require the development
of empirical interatomic potentials applicable to systems with poorly coordinated
atoms. However, the versatility of the potentials has not been carefully examined
for poorly coordinated structures including Hex and a subtle energy difference
between WZ and ZB crucial for III-N semiconductors. On the basis of these pre-
vious studies and the results obtained by the ab initio calculations, an empirical
interatomic potential for III-N semiconductors is described within the framework of
the bond order potential (BOP) [37, 38].

Using this BOP, the cohesive energy De rð Þ of a given periodic structure is
expressed as

De rð Þ ¼ Z Aq exp �hrð Þ � Bp exp �krð Þ½ �; ð2:51Þ

where r is the interatomic distance, A, B, h, and k are constants, Z is the number of
nearest neighbors, q is the number of valence electrons per atom (q = 4 for III-N
semiconductors), and p is the bond order between two nearest atoms. A, B, h, and k
are determined by reproducing the energy difference between ZB and rocksalt
(RS) and the bulk modulus of the ZB phase. The bond order p is estimated as a
function of Z analogous to the forms proposed by Bazant et al. [39] and Khor and
Das Sarma [30] as follows:

p ¼ a exp �bZnð Þ Z� 4ð Þ
4=Zð Þa Z� 4ð Þ;

�
ð2:52Þ

where the parameters a, b, n, and a are determined to reproduce the energy dif-
ferences between Hex and ZB, and between ZB and RS with conditions of p = 1
and the continuity of the first derivative of dp=dZ at Z = 4. The cohesive energies
for the reference data of BN, AlN, GaN, and InN with Hex, ZB, and RS are
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obtained by ab initio total energy calculations [40]. Table 2.3 shows the cohesive
energy (De) and equilibrium interatomic distance (re) values with experimental
values of re at Z = 4 for BN [40–42], AlN, GaN, and InN [40, 43, 44]

Table 2.4 shows potential parameter values for BN, AlN, GaN, and InN in
(2.51) and (2.52). By substituting values for a, b, and n in (2.52), the bond order p(3)

at Z = 3 (corresponding to Hex) can be estimated to be 1.150 for BN, 1.106 for
AlN, 1.066 for GaN, and 1.038 for InN. These p(3) values are favorably compared
with those of C, BeO, Si, and AlP in the structural phase diagram of Hex with Z = 3
and WZ/ZB with Z = 4 in Fig. 2.5 [45]. The parameter p(3) and interatomic distance
ratio re

(3)/re
(4) in the phase diagram are employed owing to the fact that the cohesive

energy ratio De
(3)/De

(4) is simply described as a function of p(3)re
(4)/re

(3) to derive the
phase boundary between Z = 3 and 4 using the criterion De

(3)/De
(4) = 1. This is based

on the fact that the cohesive energy is proportional to a simple electrostatic inter-
action such as D Zð Þ

e / �Zp Zð Þ=r Zð Þ
e with p(4) = 1 [45]. Here, BN is located in the

stable region of Hex with Z = 3 similarly to C, while AlN, GaN, and InN remain in
the stable region of WZ/ZB with Z = 4 similarly to BeO. It is found that Hex is

Table 2.3 Cohesive energy De and equilibrium interatomic distance re values for Hex, ZB, and
RS in BN, AlN, GaN, and InN obtained by our ab initio calculations in [40]. Experimental results
of re for WZ are also shown in parentheses

Structure BN AlN GaN InN

Hex De (eV) −6.885 −5.343 −4.261 −3.646

re (Å) 1.446 1.807 1.864 2.088

ZB De (eV) −6.792 −5.832 −4.674 −4.180

re (Å) 1.565
(1.565)

1.905
(1.897)

1.969
(1.957)

2.186
(2.156)

RS De (eV) −5.010 −5.680 −4.265 −4.112

re (Å) 1.749 2.031 2.122 2.336

Table 2.4 Potential parameter values of the Khor-Das Sarma and Bazant et al. functional form
for BN, AlN, GaN, and InN determined in [38]

Parameter BN AlN GaN InN

A (eV) 410.550 497.513 714.627 743.464

B (eV) 579.681 313.590 924.370 1247.94

θ (Å−1) 3.87694 3.44767 3.25953 2.84488

λ (Å−1) 2.07703 1.71247 2.19928 2.14809

α 0.80386 0.53623 0.39877 0.25482

a 1.23219 1.18182 1.09035 1.04787

b 1.00 × 10−3 1.95 × 10−3 1.45 × 10−4 2.45 × 10−5

n 3.85 3.21 4.61 5.45

η 0.88830 0.66576 0.60996 0.52143

β 53.9478 47.0595 37.7707 29.9569

γ 3.15804 3.31636 3.27651 3.30710
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favored by C and BN with a large p(3) at a small re
(3)/re

(4), whereas WZ is more
favorable in BeO, AlN, GaN, and InN with a small re

(3)/re
(4) than ZB in Si and AlP

with a large re
(3)/re

(4). This is because the large p(3) and small re
(3) give a strong

attractive interaction between the bond charge located at the center of interatomic
bonds and the positive charge located at the lattice sites that stabilizes poorly
coordinated structures such as Hex. These results are consistent with experimental
findings. Therefore, this empirical interatomic potential not only reproduces the
energy difference but also gives physical insight into the relative stability between
Hex and WZ/ZB.

To investigate the stability of various atomic arrangements including poorly
coordinated structures, angular function should be incorporated in the form of
empirical interatomic potential. This is because poorly coordinated atomic
arrangements such as Hex, WZ, and ZB are unstable against shear distortion [26].
By employing the Khor-Das Sarma functional form in the angular term G hð Þ [30],
the empirical interatomic potential Vij between i- and j-atoms is expressed as

Vij ¼ Aq exp �hrij

 �� Bp exp �krij


 �
G hð Þ; ð2:53Þ

G hð Þ ¼ 1þ
X

k 6¼i;jð Þ cos gDhjik

 �� 1

� �
; ð2:54Þ

Dhjik ¼ hjik � h0 Zð Þ; ð2:55Þ

Fig. 2.5 Calculated p(3) and re
(3)/re

(4) in BN, AlN, GaN, and InN denoted by closed triangle and
closed diamonds in the phase diagram, respectively. The solid line indicates the phase boundary
between threefold coordinated Hex and fourfold coordinated WZ/ZB. The data for C, BeO, Si, and
AlP denoted by open triangle and open diamonds are also shown in this figure for comparison.
Reproduced with permission from Ito et al. [38]. Copyright (2016) by the Japan Society of Applied
Physics
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where hjik is the angle between the nearest ij and jk interatomic bonds, and h0 Zð Þ
the coordination-dependent equilibrium bond angle (i.e., 120˚ at Z = 3, 109.47˚ at
Z = 4, and 90˚ at Z = 6, and so forth). g is the parameter to be fitted to the bond
bending force constant C1, which can be estimated using the simple expression
C1 = a3(c11-c12)/32 [46] and elastic constants c11 and c12 for ZB estimated using the
empirical rule [47] as

c11 ¼ Be 1þ a2c

 �

; ð2:56Þ

c12 ¼ Be 1� ða2c=2Þ
� �

; ð2:57Þ

where Be is the bulk modulus and ac is the covalency. We estimate C1 = 5.808 eV
for BN, 2.680 eV for AlN, 2.673 eV for GaN, and 2.320 eV for InN. Khor and Das
Sarma [30] also give the effective coordination number Zi of the i-atom as

Zi ¼
X

ij
exp �b rij � R0


 �c� �
; ð2:58Þ

where R0 is the minimum interatomic distance between i-atom neighbors. β and c
are determined by satisfying Zi = 5.9 for β-tin and 9.7 for CsCl structures,
respectively. The values of g, β, and c are also listed in Table 2.4

Furthermore, an interaction beyond the second nearest neighbor (NN) is incor-
porated on the basis of the simple energy formula shown in (2.59) for the energy
difference between WZ and ZB [48].

DEWZ�ZB ¼ K
3
2

1� fið Þ Z
2
bond

rbond
� fi

Z2
ion

rion

� �
; ð2:59Þ

where DEWZ�ZB is the energy difference between WZ and ZB described as func-
tions of the ionicity fi, the covalent bond charge located at the center of the
interatomic bond Zbond ¼ �2ð Þ, the distance between covalent bond charges
rbond ¼ c=2 inWZð Þ, the ionic charge at the lattice site Zion (= 3 for III-N semi-
conductors), and the distance between ionic charges rion ¼ 5c=8 inWZð Þ. The value
of 8.7 meV�Å is employed for K to reproduce DEWZ�ZB = 25.3 meV/atom for C
with fi ¼ 0 obtained by ab initio calculations [49]. A simple criterion for WZ-ZB
polytypism can be easily extracted as critical ionicity f ci ¼ 15= 15þ 2Z2

ion


 �
from

DEWZ�ZB ¼ 0 in (2.59). Here, WZ is a stable phase if fi � f ci , whereas ZB is stable
if fi\f ci . The criterion implies that WZ is more stable than ZB when the ionicity is
greater than 0.319 for group IV, 0.455 for III–V, 0.652 for II–VI semiconductors.
Figure 2.6 shows the structural phase diagram for various compound semicon-
ductors as functions of fi and Zion, where the fi values obtained by Pauling [50] are
employed for 65 compounds [51]. This shows that the phase boundary between WZ
and ZB is favorably compared with observations. Furthermore, this simple for-
mulation has also been successfully applied to the polytypism in semiconductors
such as SiC with 4H and 6H, in addition to 2H (WZ) and 3C (ZB) [52].
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Thus, the interaction beyond the second NN corresponding to the electrostatic
interaction Ves is simply given by

Ves ¼ K 1� fið Þ 4
rbond

� fi
9
rion

� �
f rionð Þ: ð2:60Þ

Here, we employ the ionicities of fi = 0.143 for BN, 0.559 for AlN, 0.556 for GaN,
and 0.649 for InN that give good estimates of DEWZ�ZB consistent with ab initio
calculations [48]. To apply Ves to any geometry, we choose the cutoff function
f rionð Þ [39] to be exactly unity for WZ with gentle drop to zero for ZB as

f rionð Þ ¼
1 ðrion\dÞ

exp n
1�x�3


 �
d\rion\eð Þ

0 rion [ eð Þ;

8<
: ð2:61Þ

where d ¼ 5c=8, e ¼ ffiffiffiffiffi
33

p
c=8, and x ¼ rion � dð Þ= e� dð Þ. The parameter n is

suitably determined by reproducing the properties such as energy change due to the
rotation of the third NN atoms. The empirical interatomic potential V at Z	 4 is
given by the summation of Vij in (2.53) and Ves in (2.60). Table 2.5 shows ionicities
and cohesive energies for III-N semiconductors with various crystal structures
obtained by using (2.53) and (2.60).

Table 2.5 Ionicity fi and
cohesive energy De

(eV) values for Hex, WZ, ZB,
and RS in BN, AlN, GaN, and
InN

BN AlN GaN InN

fi 0.143 0.559 0.556 0.649

De [Hex] −6.885 −5.343 −4.261 −3.646

De [WZ] −6.775 −5.837 −4.680 −4.188

De [ZB] −6.792 −5.832 −4.674 −4.180

De [RS] −5.010 −5.680 −4.265 −4.112

Fig. 2.6 Structural phase
diagram for 65 compounds as
functions of ionicity fi and
ionic charge Zion. The phase
boundary between WZ and
RS is also shown in this
figure. Reproduced with
permission from Ito et al.
[51]. Copyright (2007) by the
Japan Society of Applied
Physics
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2.3 Monte Carlo Simulations

In semiconductor technology, semiconducting materials are processed at high
temperatures in the fabrication of thin films and devices. Thus, their fabrication
involves the formation of thin films, alloys, defects, and related materials at high
temperatures, since atomic motion or atomic exchange should be taken into
account. The usual way to incorporate atomic motion and atomic exchange at
realistic time duration is to use MC and MD methods. The MC method generally
involves the use of random sampling techniques to estimate averages or to evaluate
integrals. The MC method introduced by Metropolis et al. [53] is a very efficient
and important sampling technique. For a constant density simulation, a system of
Natom particle is placed in an arbitrary initial configuration in a volume V , e.g., a
lattice of chosen crystal packing and of uniform density equal to the experimental
density at temperature T; here Natom,V , and T are fixed. Configurations are gen-
erated according to the following rule: (i) Select particles at random; (ii) select
random displacements or random exchanges of particles; (iii) calculate the change
in potential energy DU after displacing or exchanging the chosen particle, where the
DU is estimated by ab initio or empirical interatomic potential calculations; (iv) if
DU is negative, accept the new configuration; (v) otherwise, select a random
number h uniformly distributed over the interval (0,1); (vi) if exp �DU=kBTð Þ\h,
accept the old configuration; (vii) otherwise, use the new configuration and the new
potential energy as the current properties of the system. This procedure is repeated
for a suitable number of configurations in order to approach equilibrium configu-
rations. The quantities that can be evaluated by the Metropolis Monte Carlo (MMC)
method are those that can be expressed as canonical averages of functions of
configuration, such as pressure, energy, and the radial distribution function.
The MMC method, however, does not generate a true dynamical history of an
atomic system in contrast to the MD method which yields the atomic motion in the
simulation duration to t\10�6 s because of its time-consuming numerical com-
putations. Thus, the MMC method is suitable for achieving the equilibrium state but
not for investigating non-equilibrium behavior such as adatom migration on the
surface or thin-film formation.

A kinetic Monte Carlo (kMC) method based on the lattice-gas model is intro-
duced to make up for the deficiencies in the MMC method without applicability to
atomic motion and the MD methods with limited simulation duration. In the kMC
simulation for atomic adsorption, diffusion, and desorption at specific lattice sites,
individual atomic movements are simulated by the following procedure; (i) One
first lists all the participating kinetic processes, and ascribes to each corresponding
rate of occurrence. (ii) the kinetic rates are assumed to be of Arrhenius form such as
R ¼ R0exp �DE=kBTð Þ, where R0 is the prefactor in second and DE is the activation
barrier of the kinetic events; (iii) once these rates have been calculated, the simu-
lation proceeds to activate the kinetic events corresponding to these rates and to
follow the individual atomic movements. The kMC method enables the simulation
to finish within a realistic time t	 1 s for thin-film growth. In the kinetic events,
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each probability is exemplified by adsorption, diffusion, and desorption as follows.
The site-correlated adsorption probability Pad xð Þ is written, assuming the
local-thermal equilibrium approximation, by

Pad xð Þ ¼ exp �Dl xð Þ=kBTð Þ
1þ exp �Dl xð Þ=kBTð Þf g : ð2:62Þ

Here Dl xð Þ ¼ lad xð Þ � lgas

 �

is the difference between chemical potentials such as
lad xð Þ for an atom on the site x and lgas in the gas phase. The chemical potential of
an atom on the surface lad xð Þ corresponds to minus desorption energy Ead xð Þ and
that in the gas phase lgas is given by

lgas ¼ �kBT ln g� 1trans � 1rot � 1vibrf g; ð2:63Þ

where 1trans ¼ kBT 2pmkBT=h2ð Þ3=2=pgas, 1rot, and 1vibr are the partition functions for
the translational motion, the rotational motion and the vibrational motion, respec-
tively, g is the degree of degeneracy of the electron energy level (see Table 2.6),
and pgas is pressure [54, 55]. The diffusion probability Pdiff x ! x0ð Þ is assumed in
the Arrhenius form of

Pdiff x ! x0ð Þ ¼ mlatticeexp �DE x ! x0ð Þ
kBT

� 	
; ð2:64Þ

where diffusion prefactor mlattice is 2kBT=h [56] and DEðx ! x0Þ is the local acti-
vation energy involving the adatom hopping from site x to x’. The desorption
probability Pde xð Þ is written by

Pde xð Þ ¼ mlatticeexp � Ede xð Þ � Dl xð Þ
kBT

� 	� �
; ð2:65Þ

This equation implies that the difference Dl xð Þ ¼ lad xð Þ � lgas

 �

affects the acti-
vation energy for desorption of the atom. That is, the adatom easily desorbs if lgas is
lower than lad xð Þ, while the atom prefers to stay on the surface if lgas is higher than

Table 2.6 Electron energy
level degeneracy g of some
elements

Group Element g

I H, Li, Na,K, Rb, Cs, Cu, Ag, Au 2

II Be, Mg, Ca, Sr, Ba, Zn, Cd, Hg 1

III B, Al, Ga, In, Tl 2

IV C, Si, Ge, Sn, Pb 3

V N, P, As, Sb, Bi 4

VI O, S, Se, Te, Po 3

VII F, Cl, Br, I 2

0 He, Ne, Ar, Kr, Xe, Rn 1
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lad xð Þ. More precisely, the probability for surmounting the activation energy of
Ede xð Þ ¼ exp �DEde xð Þ=kBTð Þð Þ is reduced (or enhanced) by a weighting function
of exp Dl xð Þ=kBTð Þ which corresponds to the local-thermal equilibrium desorption
probability. On the basis of the above-mentioned stochastic differential equations,
the kMC random-walk simulations are carried out to estimate lifetime s and dif-
fusion length L of one adatom on the surface. The diffusion coefficient D is also
computed by

D ¼ L2

2s
: ð2:66Þ

The applications of kMC method for initial growth processes on III-nitride semi-
conductor surfaces are described in Chap. 7.
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Chapter 3
Fundamental Properties of III-Nitride
Compounds

Toru Akiyama

The reliability of calculated results using computational approach is crucial for
discussing various aspects of growth related phenomena in III-nitride compounds.
To ensure the calculated results, it is indispensable to check the validity of com-
putational approach by comparing the experimental data. This is accomplished by
comparing the calculated fundamental properties of III-nitride compounds, such as
lattice parameters, cohesive energies, bulk modulus, band structures in bulk states,
with those obtained by experiments. In this Chapter, we describe theses funda-
mental properties of III-nitride compounds obtained by computational approach.
The calculated results of structural properties of BN, AlN, GaN, and InN by
ab initio calculations are provided in Sect. 3.1. The calculated electronic properties
of AlN, GaN, and InN with wurtzite structure, such as band structures, energy gap,
and effective masses obtained by ab initio calculations are discussed in Sect. 3.2. In
group III-nitride compounds, alloy semiconductor films such as InGaN and AlGaN
are crucial to fabricate quantum wells (QWs) in light-emitting diodes (LEDs). We
also discuss fundamental aspects of alloy semiconductors such as miscibility of
InGaN obtained by empirical interatomic potential calculations in Sect. 3.3.
Furthermore, dislocation core structures and its effects on the compositional inho-
mogeneity of InGaN and AlGaN obtained by empirical interatomic potential cal-
culations are described in Sects. 3.4 and 3.5.
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3.1 Crystal Structure and Structural Stability

Figure 3.1 shows the crystal structures related to III-nitride compounds. There are
many polytypes for BN, such as hexagonal (Fig. 3.1a), cubic zinc blende
(ZB) (Fig. 3.1b), and wurtzite (WZ) (Fig. 3.1c) structures. The most stable structure
in BN is the hexagonal structure shown in Fig. 3.1a The other III-nitride com-
pounds, AlN, GaN, and InN take both ZB and WZ structures shown in Fig. 3.1b, c,
respectively. The rocksalt structure shown in Fig. 3.1d is usually formed in oxide
materials, but this structure is not stable for III-nitrides compared with the other
structures, such as ZB and WZ structures.

The relative stability among these crystal structures can be confirmed by the
calculated cohesive energies. Figure 3.2 shows the calculated cohesive energy of
III-nitride compounds as a function of its bond length for various crystal structures.
The most stable crystal structure for BN obtained by the cohesive energy shown in
Fig. 3.2 is hexagonal structure, while that for AlN, GaN, and InN is WZ structure.
It should be noted that the cohesive energy of ZB structure is close to that of WZ
structure. For BN (Fig. 3.2a) the cohesive energy of ZB structure is 0.024 eV/atom
lower than that of WZ structure, while those of WZ structure in AlN, GaN, and InN
(shown in Fig. 3.2b–d, respectively) are lower than those of ZB structure
by *0.018 eV/atom. The calculated results indicate that both WZ and ZB can be
formed as metastable structures in addition to most stable hexagonal structure in
BN, and both ZB and WZ structures can be formed in AlN, GaN, InN. These
calculated results for stable crystal structures of III-nitrides are consistent with the
experimental results [1–3].

Table 3.1 summarize the calculated lattice constants, cohesive energies, bulk
modulus B, and its first derivative with respect to the pressure B’ for BN with
hexagonal structure, and AlN, GaN, and InN with wurtzite structure obtained by
ab initio calculations, along with experimental values [1–10]. The lattice parameters
a and c are well reproduced by the calculations within the error of *3%: The
calculated values are larger than the experimental values. This trend is commonly
recognized in ab initio calculations using the GGA, in which lattice constants of
semiconductors obtained by the GGA tend to overestimate the experimental values

Fig. 3.1 Schematics of possible crystal structures in group III-V compound semiconductors
a hexagonal, b zinc blende, c wurtzite, and d rocksalt structures. Filled and empty circles denote
anion and cation, respectively. Dashed lines represents unit cell
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Fig. 3.2 Calculated cohesive energy as a function of bond length for various structures in a BN,
b AlN, c GaN, and d InN. Squares, circles, diamonds, and triangles represent zinc blende, wurtzite,
hexagonal, and rocksalt structures, respectively

Table 3.1 Calculated lattice constants a and c, cohesive energy Ecoh, Bulk modulus B, and its first
derivative with respect to the pressure B0 for BN with hexagonal structure, and AlN, GaN, and InN
with wurtzite structure obtained by ab initio calculations. Values in parentheses are experimental
values

Material a (Å) c (Å) Ecoh (eV/atom) B (1011 N/m2) B0

BN 2.51 (2.504a) 6.78 (6.661a) �7:081 (�6:60b) 2.27 (3.35c) 3.5

AlN 3.12 (3.112d) 5.08 (4.982d) �5:853 (�5:83e) 1.90 (1.85f) 3.6

GaN 3.22 (3.189g) 5.25 (5.185g) �4:682 (�4:53e) 1.71 (2.03h) 4.2

InN 3.56 (3.451i) 5.99 (5.760i) �4:195 (�3:99e) 1.31 (1.65j) 4.8
aReference [1]
bReference [2]
cReference [3]
dReference [4]
eReference [5]
fReference [6]
gReference [7]
hReference [8]
iReference [9]
jReference [10]
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[11]. Consequently, the calculated elastic constants obtained by the GGA are
usually underestimated. It is found that the calculated bulk modulus B of BN, GaN,
and InN shown in Table 3.1 is smaller than those by experiments, [3, 8, 10] while
that of AlN (1.90�1011 N/m2) is almost the same as the experimental value
(1.85�1011 N/m2) [6]. The small difference between calculated and experimental
values in wurtzite AlN originates from the small difference in lattice constants
within 1.9%. The calculated cohesive energies of group-III nitrides reasonably
agree with the experimentally reported cohesive energies, although the magnitude
of cohesive energies are slightly larger than those in experiments. These calculated
results suggest that ab initio calculations are feasible for investigating the structural
stability of various semiconductors including III-nitride compounds.

3.2 Electronic Band Structure

Figure 3.3 shows the calculated band structure of AlN, GaN, and InN with wurtzite
structure obtained by ab initio calculations. Both the valence band maximum
(VBM) and conduction band minimum (CBM) are located at the C point, indicating
that these materials possess a direct bandgap at the C point. This is consistent with
the experimental results [12–14]. It should be noted that AlN with ZB structure
have an indirect gap between C and X points while GaN and InN with both WZ and
ZB structure have a direct transition between valence band maximum and con-
duction band minimum [11]. Furthermore, it is found that the calculated bandgap
increases as group-III element becomes heavy. This trend can be intuitively
understood by considering the energy levels of s orbitals (3s, 4s, and 5s orbitals of
Al, Ga, In atoms, respectively) of group-III elements, which mainly constitute the
conduction bands. Table 3.2 shows the calculated gap energy of AlN, GaN, and
InN with WZ structure from Fig. 3.3. The calculated gap energy can qualitatively
reproduce the chemical trends of gap energy depending on the constituent group-III
elements, but the calculated values are smaller than those obtained by experiments.
It is well known that the GGA underestimate the bandgap of semiconductors, as
explained in Sect. 2.1.

Fig. 3.3 Calculated band structure of a AlN, b GaN, and c InN with wurtzite structure. The Fermi
energy is set at zero
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Another important feature shown in Fig. 3.3 is the fine structure of valence
bands at C point, since the band structures of WZ structure around the VBM are
different from those of ZB structure. Figure 3.4 shows the schematics of fine
structure of valence bands near C point in III-nitride compounds with WZ structure.
The top of the valence band is split into twofold-degenerate and single states. The
energy splitting between these states, which is labeled as crystal field splitting Dcf ,
is induced by the hexagonal symmetry of WZ structure. The value of Dcf depends
on the kind of group-III elements. For AlN, the single state is higher than the
twofold-degenerate state, and therefore Dcf is negative. On the other hand, for GaN
and InN the twofold-degenerate state is higher than the single state, so that Dcf is
positive, as also shown in Table 3.2. The difference between AlN and GaN agree
with those in previous studies, [19] and the value of Dcf for GaN is reasonably
consistent with the experimental value [16].

Furthermore, Table 3.2 summarizes the calculated electron and hole effective
masses for bulk AlN, GaN, and InN with wurtzite structure obtained by ab initio
calculations, along with available experimental data. The calculated value of
electron mass for GaN normal to the 0001½ � direction (0.20 m0, where m0 is the free
electron mass) agrees well with the experimental value of 0.23 m0 [17]. The cal-
culated hole masses have considerable k-direction and group-III element depen-
dence. The masses of heavy-holes are ranging from 1.43 to 3.19. The masses of
light- and crystal-holes have strong k-direction dependence. According to the
experimental result for GaN, [18] the heavy-hole mass is 2.2 m0. The calculated
value is consistent with the experimental results. Although the calculated bandgaps
in the GGA are underestimated, the GGA well reproduces the effective masses of
group-III-nitride compounds.

Fig. 3.4 Schematics of fine structure of valence bands near C point in group-III nitride
compounds with wurtzite structure for a AlN and b GaN and InN. kx (kz) denotes reciprocal vector
normal to the 1000½ � direction (along the 0001½ � direction). Values of crystal field splitting Dcf and
effective masses of heavy-, light-, and crystal-hole bands (HH, LH, and CH, respectively) are listed
in Table 3.2

3 Fundamental Properties of III-Nitride Compounds 39



3.3 Miscibility of III-Nitride Alloy Semiconductors

Alloy semiconductor thin films exhibit various novel atomic arrangements such as
atomic ordering and surface segregation [20–28]. Previous theoretical studies reveal
that these novel atomic arrangements in thin films are closely related to the lattice
constraint from the substrate. In III-nitride compounds, it has been reported that in
InGaN grown GaN quantum dots (QDs) which enhance the lasing characteristic
were spontaneously formed due to the compositional instability during their growth
[29]. For developing optoelectronic devices such as laser diodes (LDs) using QDs,
it is important to investigate the thermodynamic stabilities of the semiconductors.
Saito and Arakawa [30] have investigated the phase stability of InxGa1-xN based on
a regular-solution model using an x-dependent interaction parameter X
(¼ �91:5xþ 321 meV) estimated from results of valence-force-field (VFF) cal-
culation and obtained a slightly deviated miscibility gap from a symmetric one.
However, these studies focused on the stabilities in bulk state and do not address
those in the thin-film state. Since InGaN and GaN have a large lattice mismatch and
therefore InGaN coherently grown on GaN is highly strained, the lattice constraint
from the bottom layer must be incorporated to investigate thermodynamic stability
in thin film state.

The thermodynamic stabilities of InGaN are assessed on the basis of excess
energy calculations for InGaN thin films on GaN(0001) and InN(0001) substrates as
well as those for the bulk InGaN. In the calculation procedure, empirical

Table 3.2 Calculated energy gap Eg (in eV), crystal field splitting Dcf (in meV), electron effective
mass normal to the [0001] direction me?, electron effective mass along the [0001] direction mek,
hole effective mass normal to the [0001] direction mh?, and hole effective mass along the [0001]
direction mhk for bulk AlN, GaN, and InN with wurtzite structure obtained by ab initio
calculations. HH, LH, and CH denote the heavy-, light-, and crystal-hole bands, respectively.
Values in parentheses are experimental data

Eg Dcf Electron
effective mass

Hole effective mass

HH LH CH

me? mek mh? mhk mh? mhk mh? mhk
AlN 4.07

(6.28a)
�107
(−165d)

0.32 0.29 3.19 1.97 0.31 1.97 3.10 0.23

GaN 2.11
(3.50b)

44
(25e)

0.20
(0.23f)

0.17 2.50
(2.2g)

2.27 0.19 2.27 1.03 0.15

InN 0.20
(0.78c)

51 0.06 0.04 1.43 2.35 0.06 2.35 1.07 0.04

aReference [12]
bReference [13]
cReference [14]
dReference [15]
eReference [16]
fReference [17]
gReference [18]
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interatomic potentials described in Sect. 2.3 are used and lattice constraint from
bottom layers such as GaN and InN is incorporated. The excess energy DE xð Þ is
calculated by

DE xð Þ ¼ E xð Þ � xE 1:0ð Þ � 1� xð ÞE 0:0ð Þf g; ð3:1Þ

where E xð Þ, E 1:0ð Þ, and E 0:0ð Þ are the system energies for InxGa1-xN, InN, and
GaN, respectively.

Figure 3.5 shows the calculated excess energy as a function of composition
obtained by using empirical interatomic potentials in Sect. 2.2 for bulk InGaN,
InGaN/GaN, and InGaN/InN. The calculated excess energies have positive values
over the entire composition range [31]. This indicates that a two-phase mixture is
the most stable phase at 0 K. The excess energy curve for bulk InGaN shown in
Fig. 3.5a is slightly deviated toward the Ga-rich side. For instance, the excess
energy DE 0:25ð Þ is 63.6 meV/atom while DE 0:75ð Þ is 60.5 meV/atom. This is
consistent with the VFF results [30]. As shown in Fig. 3.5b, c, we find that the
excess energy maximum drastically shifts toward x� 0:80 for InGaN/GaN and
x� 0:10 for InGaN/InN compared with x� 0:50 for bulk InGaN. Regarding
InGaN/GaN, Karpov [32] have proposed that the critical temperature of phase
separation shifted toward x ¼ 0:79 compared with x ¼ 0:50 for bulk, and the result
using empirical interatomic potentials (x� 0:80) agrees with his result (x ¼ 0:79).
The origin of the shift is explained as follows. The bond length of GaN is smaller
than that of InN. In case of InGaN/GaN, the epi-layer takes the planar compressive
stress from the bottom layer, since the lattice constant of the epi-layer is larger than
that of the bottom layer. Therefore, the In-rich epi-layer becomes less stable in
contrast with the Ga-rich epi-layer. Consequently, the excess energy maximum
shifts towards In-rich side. In the same manner, the excess energy maximum for
InGaN/InN shifts toward the Ga-rich side due to the tensile stress accumulated in
the epi-layer. These results indicate that the lattice constraint from the bottom layer
influences the thermodynamic stabilities of thin films.

Fig. 3.5 Calculated excess energy as a function of indium composition: a bulk InGaN, b InGaN
on GaN substrate (InGaN/GaN), and c InGaN on InN substrate (InGaN/InN). Reproduced with
permission from Kangawa et al. [31]. Copyright (2000) by Elsevier
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Furthermore, it should be noted that the excess energy for InGaN/GaN is larger
than that for bulk at x[ 0:65 shown in Fig. 3.5b. The result implies that the InGaN
with large indium mole fraction is less stable on GaN layer than bulk state. This
contra- dicts Karpov’s result, [32] which shows that the InGaN/GaN is more stable
than bulk state even in the range of x[ 0:65. The discrepancy at large indium mole
fraction seems to be caused by approximations employed in his calculations. In
[32], the strain contribution to the thermodynamic stability in epitaxial state has
been analytically estimated based on continuum theory, using lattice parameter a,
elastic constant cij and interaction parameter W . In the calculations of continuum
theory, the contribution of local atomic displacements in InGaN is neglected, while
the calculations using interatomic potentials consistently incorporate the local
atomic displacements. It has been clarified that the local atomic displacements
strongly affect a, cij and W in III-V ternary alloys [33, 34]. Therefore, the dis-
crepancy between the two results could be emphasized at large indium mole
fraction, where the contribution of local atomic displacements becomes significant.
On the other hand, the excess energy for InGaN/InN is smaller than that for bulk
over almost the entire composition range, as shown in Fig. 3.5c. This implies that
InGaN becomes more stable on InN layer than bulk state. These results suggest that
the lattice constraint from the bottom layers has a significant influence on the
thermodynamic stabilities of InGaN thin films grown on GaN and InN. It should be
noted that the miscibility of AlGaN is different from that of InGaN because of the
difference in lattice mismatch and cohesive energy. Since the difference between
AlN and GaN is smaller than that between GaN and InN, it is expected that the
excess energy of AlGaN is smaller that of InGaN. Indeed, the calculated excess
energy obtained using interatomic potentials is at most 10 meV/atom.

3.4 Dislocation Core Structures

Since the lattice mismatch between the substrate such as sapphire and III-nitride
compounds is quite large, a large number of threading dislocations (� 108–109 cm−2)
are inevitably generated during the epitaxial growth. These dislocations act as
non-radiative enters, [35] so that many experimental and theoretical studies have
been carried out to clarify not only the structural characteristic of threading dislo-
cations [36–43] but also the effect of dislocations on the optoelectronic properties
[43, 44]. Belabbas et al. investigated the atomic and electronic structures of edge
and screw dislocations in GaN on the basis of density functional calculations [36].
Takei et al. also studied the electronic structure of edge dislocations in InN and
proposed that dangling bond states in the dislocation core supply the electron
carriers to the conduction band of bulk InN [37]. In this section, the feasibility of
empirical interatomic potentials to dislocation formation and its contribution to the
structural stability are discussed. The feasibility to dislocation formation is exem-
plified by the calculation of dislocation core energy, core radius and atomic coor-
dinates for various dislocation core structures in wurtzite structured GaN and InN.
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Figure 3.6 shows various dislocation core structures, such as those described by
five- and seven-coordinated channels (5/7 core), four coordinated channels (4 core),
and eight atom ring (8 core). The atomic structures of the dislocation core have
been investigated by high-resolution transmission electron microscopy (HRTEM)
[45] and by Z contrast [46]. Using empirical interatomic potentials described in
Sect. 2.2, the system energy is calculated using a unit cell consisting of 7325 atoms
for hypothetical wurtzite structured GaN and InN.

Using the system energy obtained by empirical interatomic potentials, the strain
energy Es stored in the cylinder of radius R is given by

Es ¼
XNðri\RÞ

i¼1

Edislocation � Eperfect

ri
; ð3:2Þ

where N is the number of atom within a cylinder containing the dislocation core, ri
the distance from the center of the cylinder to atom i, Edislocation and Eperfect are the
system energies with and without dislocation, respectively. On the other hand, the
linear elasticity theory [47] in an anisotropic crystal gives the strain energy as
follows

Es ¼ A0 ln
R
rc

� �
þEcore; ð3:3Þ

where A0 is the prelogarithmic factor, rc the radius of dislocation core, R the radius
of a cylinder containing the dislocation core, and Ecore the dislocation core energy.
Comparing the results obtained by (3.2) with (3.3), the dislocation core radius rc
can be estimated as the radius ri where linear relationship between Es and R is
broken. The dislocation core energy Ecore is determined by Es at rc.

Figure 3.7 shows the calculated strain energy in the cylinder of radius R as a
function of lnR for AlN, GaN, and InN with various dislocation core structures [48,
49]. The region with linear relationship between energy and lnR corresponds to that
satisfying linear elasticity theory [47]. On the other hand, the region deviating from

Fig. 3.6 Schematics of dislocation core structures of a 5- and 7-atom ring (5/7 core), b 4-atom
ring (4 core), and c 8-atom ring (8 core) for wurtize III-nitride compounds along the [0001]
direction. Shaded area denote dislocation core. Reproduced with permission from Kawamoto et al.
[48]. Copyright (2005) by Elsevier
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the linear relationship denotes the dislocation core region. The calculated results
can be favorably compared with previously reported results obtained by the
Stillinger-Weber (SW) potential and ab initio calculations [50, 51].

Table 3.3 lists the calculated core radius rc, core energy Ecore for AlN, GaN, and
InN [48, 49]. The calculated results imply that the 5/7 core with the lowest Ecore is
the most stable. This is consistent with the results obtained by the SW potential for
GaN. Furthermore, the prelogarithmic factor for the 5/7 core (A0 = 0.48 eV/Å) for
GaN is comparable to that in the linear elasticity theory (A0 = 0.55 eV/Å). It is also
find that the main distortion of the dislocation configurations in the present cal-
culation is similar to that obtained by the SW potential. It should be noted that the
Ecore for InN (1.51 eV) is smaller than that of GaN (1.74 eV). This indicates that
the 5/7 core structure consisting of InN is more favorable than that consisting of
GaN. These calculated results thus suggest that the empirical interatomic potential
calculations described in Sect. 2.2 are feasible for investigating the dislocation
formation for wurtzite structured semiconductors such as GaN and InN as well as
that for zinc blende structured semiconductors [52].

Fig. 3.7 Calculated energy stored in the cylinder of radius R as a function of lnR for wurtzite
a AlN, b GaN and c InN. Open diamonds, squares, and circles denote the energies for 5/7, 4, and 8
core, respectively. Left- and down-arrows indicate core energy Ecore and core radius rc,
respectively. Note that left-arrows for 4 core and 8 core in GaN and down-arrows for 5/7 core and
4 core in InN are degenerated. The dashed lines indicate the prelogarithmic factors. For GaN, data
obtained by ab initio calculations and SW potentials are also shown
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3.5 Compositional Inhomogeneity Around Threading
Dislocations

In the case of In0.2Ga0.8N alloy semiconductors, the local concentration of In
surrounding dislocations has been clarified by using empirical interatomic poten-
tials and X-ray energy dispersive spectroscopy (EDX) [43]. In the experiments
using TEM and EDX, Al segregation around threading dislocations in Al0.3Ga0.7N
have also been observed [41]. However, there have been few studies on the
microscopic origin of the compositional inhomogeneity of group-III elements in
AlGaN around threading dislocations from theoretical viewpoints. Furthermore, the
difference in the compositional inhomogeneity of group-III elements around dis-
locations between AlGaN and InGaN alloys is unclear. In order to theoretically
investigate the compositional inhomogeneity of group-III elements around thread-
ing dislocations, Monte Carlo (MC) simulations described in Sect. 2.3 using
empirical interatomic potentials have been performed for the systems with dislo-
cations in Al0.3Ga0.7N and In0.2Ga0.8N [53].

Figure 3.8 shows the schematic top views of calculation models used to simulate
threading dislocations in Al0.3Ga0.7N and In0.2Ga0.8N. We employ a unit cell with
the size of [50a� 25

ffiffiffi
3

p
a� 2c] consisting of 20,000 atoms, where a and c are

lattice constants along the [1000] and [0001] directions. Periodic boundary con-
ditions are imposed along the 0001½ � direction, while fixed boundary conditions are
applied in the [1100] and 1120

� �
directions. For edge dislocation, the atomic

configuration with the 5/7 core, which is the most stable core structure in GaN, has
been considered [48, 49]. In the 5/7 core shown in Fig. 3.6a, the dislocation is

generated by applying a displacement ui ¼ uix; u
i
y; 0

� �
to each atom in the unit cell,

expressed as [47]

uix xi; yið Þ ¼ bx
2p

arctan
yi
xi

� �
þ p

2
sign yið Þ 1� sign xið Þ½ � þ xiyi

2 1� mð Þr2i

	 

; ð3:4Þ

uiy xi; yið Þ ¼ bx
4p 1� mð Þ � 1� 2mð Þlnri � x2i

r2i

� �
; ð3:5Þ

Table 3.3 Calculated core radius rc and core energy Ecore of edge dislocation with 5/7 core, 4
core, and eight core in GaN and InN. SW denotes the previously reported results for GaN obtained
by Stillinger-Weber potential in[50]

Dislocation core
type

rc (Å) Ecore (eV/Å)

AlN GaN GaN
(SW)

InN AlN GaN GaN
(SW)

InN

5/7 core 5.4 8.6 6.7 11.5 2.05 1.74 1.52 1.51

4 core 6.7 6.7 11.7 1.91 1.72 1.64

8 core 6.1 6.4 6.7 13.4 2.38 1.91 1. 72 1.77
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where bx is the magnitude of the Burgers vector b ¼ bxex in the 1120
� �

direction, m
is the Poisson ratio, xi and yi are the x and y components of the ith atom relative to
the origin of the dislocation line location, and r2i ¼ x2i þ y2i . The Poisson ratios in
Al0.3Ga0.7N (0.270) and In0.2Ga0.8N (0.288) are interpolated using the experimental
values of AlN (0.266), GaN (0.271), and InN (0.354) [54–56]. For screw dislo-
cations, the atomic configuration with a double 6-atom ring core is considered. This
configuration was found to be the most stable in GaN in previous calculations [57].
In the double 6-atom ring core, the displacement is described by the vector ui ¼
0; 0; uiz

 �

with the component uiz given by [47]

uiz xi; yið Þ ¼ bz
2p

arctan
yi
xi

� �
þ p

2
sign yið Þ 1� sign xið Þ½ �

	 

; ð3:6Þ

where bz is the magnitude of the Burgers vector b ¼ bzez in the 0001½ � direction.
Figure 3.9 depicts the contour plots of Al composition around threading dislo-

cations in Al0.3Ga0.7N. These contour plots indicate that the compositional inho-
mogeneity around threading dislocations depends on the type of dislocation. For
edge dislocation, shown in Fig. 3.9a, Al atoms are preferentially located in one side
of the dislocation core with compressive strain (upper region in Fig. 3.9a). On the
other side of the dislocation core with tensile strain (lower region in Fig. 3.9a), Ga
atoms are preferentially located. On the other hand, in the case of screw dislocation
shown in Fig. 3.9b, Al atoms rarely appear in the lattice sites that form the dislo-
cation core, and the composition of Al atoms excepting these lattice sites is almost
constant at close to 0.3.

Fig. 3.8 Top views of calculation models of threading dislocations around a edge and b screw
dislocation cores. Black and gray circles represent group III atoms and N atoms, respectively.
Shaded area denotes the dislocation core. Reproduced with permission from Sakaguchi et al. [53].
Copyright (2016) by the Japan Society of Applied Physics
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Figure 3.10 shows the averaged Al composition around threading dislocations as
a function of distance from the center of the dislocation core. The compositional
inhomogeneity of Al atoms in edge dislocations is quite different from that in screw
dislocations. The inhomogeneity in edge dislocations shown in Fig. 3.10a is

Fig. 3.9 Contour plots of Al composition around a edge and b screw dislocations in Al0.3Ga0.7N.
The contour plots within 40� 40 Å, which includes the dislocation core at the center, is shown.
Black and gray circles represent group III elements and N atoms, respectively. Dashed lines denote
the dislocation core. Reproduced with permission from Sakaguchi et al. [53]. Copyright (2016) by
the Japan Society of Applied Physics

Fig. 3.10 Calculated Al composition as a function of distance from the center of a edge and
b screw dislocations in Al0.3Ga0.7N. Positive and negative values of distance (horizontal axis)
correspond to upper and lower regions in Fig. 3.9. Filled and empty circles represent values of
equilibrium and initial (randomly distributed atomic arrangements) states, respectively.
Reproduced with permission from Sakaguchi et al. [53]. Copyright (2016) by the Japan Society
of Applied Physics
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marked when the distance ranges from −30 to 30 Å. It should be noted that the Al
composition at 10 Å is twice larger than that in the homogeneous case, whereas the
Al composition at �10 Å is 60% smaller than that in the homogeneous case. In the
case of screw dislocations, as shown in Fig. 3.10b, the Al composition is smaller
than that in the inhomogeneous case when the distance is either �10 or 10 Å. This
is because Al atoms rarely appear in the lattice site of the dislocation core. These
calculated results suggest that the compositional inhomogeneity around edge dis-
locations is more marked than that around screw dislocations, which is qualitatively
consistent with the EDX observation [41].

Figure 3.11 shows the contour plots of the In composition around threading
dislocations in In0.2Ga0.8N. These contour plots indicate that, similar to
Al0.3Ga0.7N, the compositional inhomogeneity around threading dislocations
depends on the type of dislocation. In the case of the edge dislocations shown in
Fig. 3.11a, Ga atoms are preferentially located in one side of the dislocation core
with compressive strain (upper region in Fig. 3.11a), and In atoms are preferentially
located on the other side of the dislocation core with tensile strain (lower region in
Fig. 3.11a). On the other hand, as shown in Fig. 3.11b. In atoms rarely appear in
the lattice sites that form the dislocation core, but are preferentially located near the
dislocation core along the 1100

� �
direction. The composition of In atoms for the

other lattice sites (� 0:2) is almost the same.
Figure 3.12 depicts the averaged In composition around threading dislocations

as a function of distance from the center of the dislocation core. The compositional
inhomogeneity of In atoms in edge dislocations is found to be different from that in
screw dislocations. The inhomogeneity in edge dislocations shown in Fig. 3.12a is
considerable when the distance ranges from �30 to 30 Å. The composition of In

Fig. 3.11 Contour plots of In composition around a edge and b screw dislocations in In0.2Ga0.8N.
The notations of circles and lines are the same as those in Fig. 3.9. Reproduced with permission
from Sakaguchi et al. [53]. Copyright (2016) by the Japan Society of Applied Physics
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atoms at �10 Å is � 250% larger than that in the homogeneous case, whereas the
composition of In atoms at 10 Å is almost zero. The composition of In atoms in the
case of screw dislocations shown in Fig. 3.12b does not show inhomogeneity of In
atoms. However, as shown in Fig. 3.11b, a slight compositional inhomogeneity can
be recognized along the 1100

� �
direction. Similar to the case of Al0.3Ga0.7N, the

compositional inhomogeneity around edge dislocations in In0.2Ga0.8N is more
marked than that around screw dislocations.

Figure 3.13 shows the averaged bond lengths and interatomic potentials of Ga–N
and Al–N bonds in edge dislocations of Al0.3Ga0.7N in randomly distributed atomic
arrangements represented by open circles in Fig. 3.10a and equilibrium states as a
function of distance from the center of the dislocation core. Owing to the presence of
both compressive—(upper region in Fig. 3.9a) and tensile—(lower region in
Fig. 3.9b) strain regions around the dislocation core, bond lengths of Al–N andGa–N
in the region closer than−10 Å are quite different from those in the region farther than
10 Å. Since the Al–N bond length in the tensile-strain region (closer than �10 Å in
Fig. 3.13a) is much larger than that in Al0.3Ga0.7N without dislocations, the number
of Al–N bonds in this region is reduced in the equilibrium state. This results in the
lower interatomic potential values of Al–N bonds in the tensile-strain region closer
than �10 Å shown in Fig. 3.13b. On the other hand, the number of Al–N bonds
increases in the equilibrium state owing to shorter Al–N bonds in the
compressive-strain region than that in Al0.3Ga0.7N without dislocations.
Consequently, the interatomic potentials of Al–N bonds decrease by 5.56 and
5.04 meV in the equilibrium state. The trend of bond distribution in In0.2Ga0.8N is
similar to that in Al0.3Ga0.7N. Since the bulk In–Nbond length is markedly larger than

Fig. 3.12 Calculated In composition as a function of distance from the center of a edge and
b screw dislocations in In0.2Ga0.8N. Positive and negative values of distance (horizontal axis)
correspond to upper and lower regions in Fig. 3.11. The notations are the same as those in
Fig. 3.10. Reproduced with permission from Sakaguchi et al. [53]. Copyright (2016) by the Japan
Society of Applied Physics
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the bulk Ga–N bond length, In atoms are placed in the tensile-strain region (lower
region in Fig. 3.11a) so as to make the length of In–N bonds close to the In–N bond
length in the bulk phase. In the screw dislocations, the distributions of Al–N and In–N
bonds can also be understood from the stability of these bonds. Since bond lengths
around the dislocation core are much longer than those in the bulk phase, Al–N and
In–N bonds are stabilized by placing Ga and In atoms around screw dislocation cores
in Al0.3Ga0.7N and In0.2Ga0.8N, respectively.
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Chapter 4
Fundamental Properties of III-Nitride
Surfaces

Toru Akiyama

The control of growth conditions is one of the important factors for fabricating
high-quality crystals and would be achieved through the understanding of surface
reconstructions. It is well known that reconstructed structures appear on the growth
front (surfaces) of semiconductor materials, so that investigations for the recon-
structions on III-nitride surfaces are necessary from theoretical viewpoints taking
growth conditions into account. Surface energy calculations for various surface
structures using ab initio calculations have revealed that the stable surface recon-
struction depends on the chemical potential of constituent atomic species [1–6].
Although these ab initio studies successfully elucidate some aspects in the
surface-related problems, their results are limited at 0 K without incorporating the
growth parameters such as temperature and beam equivalent pressure (BEP) during
molecular beam epitaxy (MBE) growth. In order to make up the deficiency in the
previously reported ab initio calculations, an ab initio-based approach to include
temperature and BEP has been proposed and successfully applied to the surface
reconstructions and elemental growth processes on the GaAs and InAs surfaces [7–
10]. In this Chapter, recent achievements for clarifying the reconstruction on
III-nitride surfaces including polar, nonpolar and semipolar surfaces using the ab
initio-based approach are described. Surface phase diagram calculations as func-
tions of temperature and BEP are performed for surfaces exemplified by those with
polar (0001) and (0001), nonpolar (1�100) and (11�20), and semipolar (1�101) and
(11�22) orientations, shown in Fig. 4.1 [10–16]. The role of hydrogen adsorption in
surface phase diagrams is also investigated in conjunction with metal-organic
vapor-phase epitaxy (MOVPE) growth [17–26].
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4.1 Surface Phase Diagram Calculations

The relative stability among various surface structures including hydrogen (in the
case of GaN) is determined using the formation energy Ef given by

Ef ¼ Etot � Eref �
X
i

nili; ð4:1Þ

where Etot and Eref are the total energy of the surface under consideration and of the
reference surface, respectively, li is the chemical potential of the ith species, and ni
is the number of excess or deficit ith atoms with respect to the reference. Here, we
assume that the surface is in equilibrium with bulk GaN expressed as

lGa þ lN ¼ lGaN; ð4:2Þ

where lGaN is the chemical potential of bulk GaN. lGa can vary in the thermo-
dynamically allowed range lbulkGa þDHf � lGa � lbulkGa , where DHf is the heat of
formation of bulk GaN (lbulkGa is the chemical potential of bulk Ga). The lower and
upper limits correspond to N-rich and Ga-rich conditions, respectively. The same
formalism is also applied to the study of AlN and InN surfaces using the chemical
potentials of bulk Al (lbulkAl ) and bulk In (lbulkIn ) as functions of Al and In chemical
potentials, respectively. The calculated values of DHf obtained by the generalized
gradient approximation (GGA) are �2:91, �1:24, and �0:37 eV for AlN, GaN, and
InN, respectively.

The reconstruction under growth conditions, such as temperature and pressure, is
determined using the surface phase diagrams. The concept of surface phase diagram
calculations is shown in Fig. 4.2. The surface phase diagrams are obtained by
comparing the free energy or chemical potential of an atom/molecule in solid phase
(lsolid) with that of in gas phase (lgas). The free energy per particle (chemical

Fig. 4.1 Schematics of crystal planes such as a polar (0001)/ 000�1ð Þ, b nonpolar 1�100ð Þ and
semipolar 1�101ð Þ, c nonpolar 11�20ð Þ and semipolar 11�22ð Þ orientations in wurtzite structured AlN,
GaN, and InN
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potential) in gas phase is written in (2.63), which can be computed using quantum
statistical mechanics. The free energy in solid phase corresponding to the adsorption
energy (Ead ¼ lsolid) can be obtained using ab initio calculations. The adsorption
energy considered is the energy difference between the two slab models. One model
is a surface with an adatom, and the other is a surface without an adatom, i.e., the
adatom is in the vacuum region. The adsorption-desorption activation energy is not
considered because we consider the static behavior is considered to construct the
surface phase diagrams. However, the activation energy should be considered if the
growth kinetics are investigated as discussed in Chap. 7. By comparing lgas with Ead,
we can discuss the adsorption-desorption behavior, as shown in Fig. 4.2. The free
energy of vibrational contribution is very small compared with the energy difference
between a given structure and the ideal surface [27, 28]. Thus, when the temperature
or pressure is varied, the gas-phase entropy difference is also considerably larger
than the surface entropy change. Therefore, only the entropic effects of the gas phase
are considered in surface phase diagram calculations. In the gas phase chemical
potential, the partition functions in (2.63) are written as

1trans ¼
kBT
pgas

2pmkBT=h2
� �3=2

; ð4:3Þ

1rot ¼
1
pr

8p3 I1I2 � � �ð Þ1=nrotkBT
h2

( )nrot=2

; ð4:4Þ

1vibr ¼
Y3Natom�3�nrot

i

1
1� exp �hmi=kBTð Þ ; ð4:5Þ

Fig. 4.2 Schematics of surface phase diagram calculation on the basis of ab initio calculations. By
comparing the values of chemical potential, lgas, with adsorption energy, Ead, obtained by ab initio
calculations, the adsorption-desorption behavior of an adatom/molecule can be determined
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where m is the mass of one particle, r is symmetric factor, Ij (j ¼ 1; 2; . . .) is the
moment of inertia, nrot is the degree of freedom of the rotation, Natom is the number
of atoms in the particle, and mi is the frequency of ith vibration mode. Ij is written as

Ij ¼ mjr
2
j ; ð4:6Þ

where mj is the reduced mass, and rj is the gyration radius. The structure corre-
sponding to the adsorbed surface is favorable when Ead is less than lgas, whereas
the desorbed surface is stabilized when lgas is less than Ead.

The surface phase diagram calculations have been successfully applied to
determine the reconstructions on GaAs(001) surfaces, [7] which are experimentally
observed under Ga-rich conditions. Figure 4.3 shows the calculated gas phase
chemical potential of Ga atom as a function of temperature for various Ga-BEP. It is
found that the calculated gas phase chemical potential decreases with temperature
and increases with BEP. By comparing the calculated adsorption energy of Ga atom
(Ead ¼ �3:3 eV), The gas phase chemical potential becomes lower than Ead when
temperatures is higher than 1000 K for the condition of Ga-BEP at 1:0� 10�5 Torr.
This suggests that the critical temperature for Ga adsorption is *1000 K for
Ga BEP of 1:0� 10�5 Torr. The critical temperatures for Ga adsorption under
various BEP conditions are plotted in Fig. 4.4. The surface phase diagram for Ga
adsorption thus suggest that the Ga-droplet appear under low temperature and high
Ga-BEP conditions, while GaAs-(2 � 4) b2 surface is stabilized under high tem-
perature and low Ga-BEP conditions. Furthermore, the calculated surface phase
diagram agrees with the experimental findings, where Ga-droplets are observed
under *900 K during the MBE growth of GaAs under Ga-rich conditions [29] and
Ga desorption proceeds above *970 K after turning off the Ga flux, [30, 31]
suggesting that ab initio-based approach that incorporates the free energy of the gas
phase is feasible for investigating surface structures.

Fig. 4.3 Calculated gas phase chemical potential of Ga atom as a function of temperature for
various BEP in [7]. Solid line denotes the value of adsorption energy of Ga adatom on GaAs(001)-
(2 � 4) b2 surface (�3:3 eV). Reproduced with permission from Y. Kangawa, T. Ito, A. Taguchi,
K. Shiraishi, and T. Ohachi, Surf. Sci. 493, 178 (2001). Copyright (2001) by Elsevier
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4.2 Surface Reconstructions on III-Nitride Compounds

The surface energy calculations based on ab initio calculations for various surface
structures of III-nitride compounds have revealed that the stable surface recon-
structions are dependent on the chemical potential of constituent atomic species [5,
32–40]. Although these ab initio studies successfully elucidated some aspects of the
surface-related issues, their results do not include growth parameters, such as BEP
and temperature. By using surface phase diagrams, surface reconstructions in
III-nitride compounds taking account of these parameters can be determined.
Indeed, surface phase diagram calculations as functions of temperature and BEP
have been accomplished for AlN, GaN, and InN surfaces with various orientations
(See Fig. 4.1) [10–16]. In this section, the reconstructions on various III-nitride
surfaces obtained by surface phase diagrams are discussed.

4.2.1 Polar AlN 0001ð Þ and 000�1ð Þ Surfaces

Figure 4.5 displays the calculated surface formation energies for AlN polar surfaces
shown in Fig. 4.1a as a function of Al chemical potential lAl by using (4.1) [34, 35,
36, 39, 40]. Here, the reconstructions considered are constructed on the basis of the
electron counting (EC) rule, [41] in which dangling bonds of the topmost Al and N
atoms are empty and filled by electrons, respectively. To satisfy the EC rule, the
surface must be stabilized due to its semiconducting nature. In addition, the surfaces
covered by Al atoms are also considered to determine the stability under Al-rich (high
lAl) conditions. This energy diagram allows us to determine which reconstruction is

Fig. 4.4 Calculated surface phase diagram for Ga adatom on GaAs(001)-(2 � 4) b2 surface as
functions of temperature and BEP in [7]. Geometry of GaAs(001)-(2 � 4) b2 surface is also shown,
where filled and empty circles denote Ga and As atoms, respectively. The most stable adsorption
site of Ga adatom is represent by an arrow Reproduced with permission from Y. Kangawa, T. Ito, A.
Taguchi, K. Shiraishi, and T. Ohachi, Surf. Sci. 493, 178 (2001). Copyright (2001) by Elsevier
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the most stable. However, the reconstruction under growth conditions cannot be
directly determined by this energy diagram. On the contrary, the surface diagram can
be directly compared with the experiments because it is described as a function of the
experimental parameters, such as temperature and BEP.

Figure 4.6a shows the calculated phase diagram of the AlN(0001) surface as
functions of temperature and Al BEP obtained by comparing Ead with lgas in (2.63)
[23]. The boundary lines separating different regions correspond to temperature and
BEP in which two structures have the same formation energy. The stable recon-
structions on these surfaces are also schematically shown in Fig. 4.6a. The calculated
phase diagram on AlN(0001) surface shown in Fig. 4.6a suggests that the Al metallic
bilayer surface is stable in a narrow temperature range below 940 K at 1� 10�8 Torr
and below 1320 K at 1� 10�2 Torr. This figure also reveals that the (2 � 2) surface
with Al adatom is stable at 940–1030 K at 1� 10�8 Torr and at 1320–1455 K at
1� 10�2 Torr. The (2 � 2) surface with N adatom is favorable at lower Al BEP and
higher temperatures because Al desorption is enhanced at these conditions. The Al
bilayer surface is stabilized even though it does not satisfy the EC rule [41].

Figure 4.6b displays the calculated phase diagram on AlN 000�1ð Þ surface as
functions of of temperature and Al BEP [23]. The (2 � 2) surface with Al adatom
is stabilized below 1020 K at 1� 10�8 Torr and below 1440 K at 1� 10�2 Torr.
However, the (1 � 1) surface with a monolayer of Al atoms (Al monolayer) is
stable above 1020 K at 1 � 10−8 Torr and above 1440 K at 1� 10�2 Torr. The
surface phase diagram suggests that both surfaces can be obtained during the MBE
growth of AlN for temperatures around 1200 K, and the Al monolayer (1 � 1)
surface is favorable under Al-rich conditions.

Fig. 4.5 Calculated surface formation energies for polar AlN surfaces with a (0001) and b 000�1ð Þ
orientations as a function of Al chemical potential lAl. The origin of lAl is set the energy of bulk
Al. Schematics of the surface structures under consideration are also shown. Large and small
circles represent Al and N atoms, respectively
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4.2.2 Nonpolar AlN 1�100ð Þ and 11�20ð Þ Surfaces

The epitaxial growth of nitride semiconductors has traditionally been performed
along the polar [0001] direction, resulting in large polarization fields [42] along the
growth direction. These fields reduce the radiative efficiency of quantum-well light
emitters because they cause electron and hole separation. For optoelectronic device
fabrication, there has been an increase in interest in the growth along nonpolar
orientations, such as 1�100ð Þ and 11�20ð Þ planes, as shown in Fig. 4.1b and c,
respectively [43]. Previous ab initio calculations have determined that the ideal
surface is most stable over a large range of chemical potentials and that surfaces
with Al adlayers are stabilized for Al-rich conditions [40]. Figure 4.7 shows the
calculated formation energy of AlN nonpolar surfaces as a function of the Al
chemical potential [23]. It is found that the ideal surfaces are stable over the wide
range of growth conditions on both AlN 1�100ð Þ and 11�20ð Þ surfaces. The calculated
surface phase diagrams of AlN 1�100ð Þ and 11�20ð Þ shown in Fig. 4.8 successfully
reproduce the stability of the AlN nonpolar surface regardless of the growth con-
ditions. The ideal surface appears over the entire temperature range. The Al bilayer
and monolayer surfaces are always metastable. For the ideal surfaces, the N atoms
relax outward, whereas the Al atoms relax inward and are accompanied by a charge
transfer from the Al dangling bonds to the N dangling bonds. These ideal surfaces
thus satisfy the EC rule [41] and are stabilized without any adsorption or desorption
in the surface. It is thus concluded that the MBE growth of AlN on nonpolar
orientations proceeds on the ideal surface over the entire range of Al BEP.

Fig. 4.6 Calculated phase diagrams for polar AlN surfaces with a (0001) and b 000�1ð Þ
orientations as a function of temperature and Al BEP. Schematics of stable reconstructions on
these surfaces are also shown. Notations of circles are the same as those in Fig. 4.5
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4.2.3 Semipolar AlN 1�101ð Þ and 11�20ð Þ Surfaces

In addition to nonpolar orientations, there is an increasing interest in crystal growth
and device fabrication on semipolar orientations, such as 1�101ð Þ and 11�22ð Þ, as
shown in Fig. 4.1b and c, respectively, due to their reduced or negligible electric
field [44–51]. Figure 4.9a displays the calculated surface formation energies of a

Fig. 4.7 Calculated surface formation energies for polar AlN surfaces with a 1�100ð Þ and b 11�20ð Þ
orientations as a function of Al chemical potential lAl. The origin of lAl is set the energy of bulk
Al. Schematics of the surface structures under consideration are also shown. Notations of circles
are the same as those in Fig. 4.5

Fig. 4.8 Calculated phase diagrams for polar AlN surfaces with a 1�100ð Þ and b 11�20ð Þ
orientations as functions of temperature and Al BEP. Schematics of stable reconstructions on these
surfaces are also shown. Notations of circles are the same as those in Fig. 4.5
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semipolar AlN 1�101ð Þ surface, demonstrating that many types of surface structures
are found depending on the Al chemical potential. The surfaces that have Al atoms
at the topmost layer are stabilized over a wide range of Al chemical potentials. The
phase diagram on semipolar AlN 1�101ð Þ surface is shown in Fig. 4.10a. With
increasing temperature, the surface with metallic Al bilayer that is stabilized at low
temperatures changes its structure into Al dimers. The metallic reconstruction is
stabilized under Al-rich conditions similarly to the AlN(0001) surface. Therefore,
many types of reconstructions could appear at approximately 1200 K (a typical
MBE growth temperature) depending on the Al BEP. This conclusion suggests that
AlN 1�101ð Þ surface growth kinetics depend on the growth temperatures.

The calculated surface formation energy for AlN 11�22ð Þ shown in Fig. 4.9b
suggests that several reconstructions can occur depending on the Al chemical
potential. The metallic reconstructions that have Al monolayer are stabilized under
Al-rich conditions. However, the surface with Al and N adatoms is favored under
N-rich conditions. Figure 4.10b shows the phase diagram of semipolar AlN 11�22ð Þ
surface. The diagram suggests that the metallic reconstructions with Al monolayer
emerge only at low temperatures and high Al-rich conditions. In contrast, the
surface with Al and N adatoms is favored over a wide temperature range. The
calculated phase diagram thus suggests that the growth kinetics on AlN 11�22ð Þ
surface growth kinetics and its temperature dependence are similar to those on
AlN 1�101ð Þ surface.

Fig. 4.9 Calculated surface formation energies for polar AlN surfaces with a 1�101ð Þ and b 11�22ð Þ
orientations as a function of Al chemical potential lAl. The origin of lAl is set the energy of bulk
Al. Schematics of the surface structures under consideration are also shown. The 2� 2 unit cell for
AlN 1�101ð Þ surface, and the 1� 1 and c 2� 2ð Þ unit cells for AlN 11�22ð Þ surface are shown by
dashed rectangles. Notations of circles are the same as those in Fig. 4.5

4 Fundamental Properties of III-Nitride Surfaces 63



4.2.4 Polar GaN 0001ð Þ and 000�1ð Þ Surfaces

The reconstructed atomic structure during the MBE growth on the GaN(0001)
surface under Ga-rich conditions has been the subject of many experimental and
theoretical investigations. The (2 � 2) and pseudo-(1 � 1) surfaces have been
observed on GaN(0001) under Ga-rich conditions by scanning tunneling micro-
scopy (STM) [52, 53]. Furthermore, the coexistence of a “ghost” island with the
(2 � 2)-like structure and a normal island with the pseudo-(1 � 1) structure has
been found under excess Ga fluxes [54] There have been several ab initio theo-
retical studies for surface structures and adsorption behavior on these surfaces. The
pseudo-(1 � 1) structure have proposed as the most stable state under the Ga-rich
limit among various surface structures [5]. Although these ab initio studies have
elucidated some aspects of the GaN surface, their results are limited to 0 K and did
not incorporate growth parameters such as temperature and BEP.

Figure 4.11 depicts the calculated surface formation energy of GaN(0001) sur-
faces as a function of lGa using (4.1) [5, 35, 38]. Here, the reconstructions con-
sidered are constructed on the basis of the EC rule [41]. To satisfy the EC rule, the
surface must be stabilized due to its semiconducting nature. In addition, the surfaces
covered by Ga atoms are also considered to determine the stability under Ga-rich
(high lGa) conditions. This energy diagram allows us to determine which recon-
struction is the most stable. However, the reconstruction under growth conditions
cannot be directly determined by this energy diagram. On the contrary, the surface
diagram can be directly compared with the experiments because it is described as
functions of the experimental parameters, such as temperature and Ga BEP.

Fig. 4.10 Calculated phase diagrams for polar AlN surfaces with a 1�101ð Þ and b 11�22ð Þ
orientations as functions of temperature and Al BEP. Schematics of stable reconstructions on these
surfaces are also shown. Notations of circles are the same as those in Fig. 4.5
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Figure 4.12a shows the calculated phase diagram of the GaN(0001) surfaces as
functions of temperature andGaBEP [12, 14, 19]. The stable reconstructions on these
surfaces are also schematically shown in Fig. 4.12. The pseudo–(1 � 1) surface
is stable in the temperature range below 684 K at 1 � 10−8 Torr and below
943 K at 1� 10−2 Torr. This stability is qualitatively consistent with the experimental

Fig. 4.11 Calculated surface formation energies for polar GaN surfaces with a (0001) and
b 000�1ð Þ orientations as a function of Ga chemical potential lGa. The origin of lGa is set the
energy of bulk Ga. Schematics of the surface structures under consideration are also shown. Large
and small circles represent Ga and N atoms, respectively

Fig. 4.12 Calculated phase diagrams for polar GaN surfaces with a (0001) and b 000�1ð Þ
orientations as functions of temperature and Ga BEP. Shaded area denotes the temperature range
during the growth in [54, 56]. Schematics of stable reconstructions on these surfaces are also
shown. Notations of circles are the same as those in Fig. 4.11
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stable temperature range for the pseudo–(1 � 1) surface [55]. The structure with
additional Ga adatoms between the (1 � 1) and (2 � 2)-Ga structures does not
appear to be a stable GaN(0001) structure because the Ga adsorption energy remains
almost constant (2.6–2.8 eV) regardless of Ga coverage.

Figure 4.12a also reveals that the (2 � 2) with the Ga adatom [(2 � 2)-Ga,
hereafter] is stable in the temperature range of 767–900 K at 1� 10�8 Torr and
1028–1220 K at 1� 10�2 Torr. These temperature ranges are consistent with the
experimental stable temperature range for the (2 � 2) surface with Ga adatoms
[57]. The (2 � 2) surface with Ga vacancy is favorable for lower Ga BEP and
higher temperatures because Ga desorption is enhanced at lower Ga BEP and higher
temperatures. In addition, the ideal (cleaved and unrelaxed) surface does not appear
in the phase diagram because the ideal surface does not satisfy the EC rule [41]. The
(2 � 2) surface directly changes its structure from the (2 � 2)-Ga to the (2 � 2)
with Ga vacancy at lower Ga BEP and at higher temperatures.

From an experimental perspective, the (2 � 2) surface is often observed fol-
lowing an interruption in the Ga flux [56]. The phase diagram in Fig. 4.12a qual-
itatively agrees with this experimental finding because a decrease in Ga BEP prefers
the (2 � 2)-Ga to the pseudo–(1 � 1) and (1 � 1) surfaces at a certain temperature
(e.g., *800 K). The shaded area in Fig. 4.12a denotes the temperature range for
submonolayer GaN deposition. This temperature range includes the stable regions
of the pseudo–(1 � 1), (1 � 1), and (2 � 2)–Ga surfaces. Thus, these results
suggest that Ga adsorption or desorption can easily change the pseudo–(1 � 1) or
(1 � 1) to the (2 � 2)-Ga surface and vice versa, depending on Ga BEP. This is
also consistent with the STM observations [54]. The atomic structure of the
reconstructions during and after MBE growth on the GaN(0001) surface under
Ga-rich conditions has been studied by experimental and theoretical investigations
[33]. The STM observations have clarified that the surface exhibits a (1 � 1)
structure, and depositing additional Ga atoms onto this surface results in the
(3 � 3), (6 � 6) and c(6 � 12) reconstructions. Based on ab initio calculations, it
was determined that the (1 � 1) structure consists of a monolayer of Ga atoms
bonded at the upper most sites above the topmost N atoms of an N-terminated
bilayer. The (3 � 3) reconstruction consists of Ga adatoms bonded on top of Ga
adlayer.

The calculated surface formation energy as a function of lGa using (4.1) for
GaN 000�1ð Þ surface is shown in Fig. 4.11b [23, 38]. The results suggest that the
surfaces with Ga adatoms and a Ga monolayer can be stabilized. However, as
mentioned previously, the reconstruction under growth conditions cannot be
directly determined by the formation energy. Figure 4.12b shows the calculated
phase diagram of the GaN 000�1ð Þ surfaces as functions of temperature and Ga BEP
[23]. The (2 � 2) surface with Ga adatoms at hexagonal (H3) site is stabilized
beyond 850 K at 1� 10�8 Torr and below 1190 K at 1� 10�2 Torr. On the other
hand, the (1 � 1) surface that has a monolayer of Ga atoms is stable below 850 K
at 1� 10�8 Torr and 1190 K at 1� 10�2 Torr. The surface phase diagram suggests
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that both surfaces can form at experimental temperatures around *1070 K, and the
(1 � 1) surface with a monolayer of Ga atoms is favorable under Ga-rich condi-
tions. Because the MBE on the GaN 000�1ð Þ surface has been performed under
Ga-rich conditions, the calculated result is qualitatively consistent with the exper-
imental stable temperature range for the (1 � 1) surface [56]. In addition, the ideal
surface does not appear in the phase diagram because the ideal surface does not
satisfy the EC rule [41].

4.2.5 Nonpolar GaN 1�100ð Þ and 11�20ð Þ Surfaces

The reconstructions on nonpolar GaN 1�100ð Þ and 11�20ð Þ surfaces are very simple,
as shown in Figs. 4.13 and 4.14 [32, 38]. The calculated surface formation energies
shown in Fig. 4.13 demonstrate that the ideal surface is stabilized over a wide Ga
chemical potential range. In contrast, the calculated surface phase diagrams shown
in Fig. 4.14 suggest that the ideal surface appears beyond the temperature range of
725–1030 K and 770–1100 K on GaN 1�100ð Þ and 11�20ð Þ surfaces, respectively
[23]. However, the Ga adlayer surfaces are stable only at lower temperatures. For
the ideal surfaces, the N atoms relax outward whereas the Ga atoms relax inward,
which are accompanied by a charge transfer from the Ga dangling bonds to the N
dangling bonds. As a result of this charge transfer, the ideal surfaces satisfy the EC
rule [41] and are stabilized without any adsorption or desorption to the surface.
Therefore, the MBE growth proceeds on the ideal GaN 11�20ð Þ surface regardless of
Ga BEP at the conventional growth temperatures.

Fig. 4.13 Calculated surface formation energies for polar GaN surfaces with a 1�100ð Þ and
b 11�20ð Þ orientations as a function of Ga chemical potential lGa. The origin of lGa is set the
energy of bulk Ga. Schematics of the surface structures under consideration are also shown.
Notations of circles are the same as those in Fig. 4.11
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4.2.6 Semipolar GaN 1�101ð Þ and 11�20ð Þ Surfaces

Figure 4.15a displays the calculated surface formation energies of semipolar
GaN 1�101ð Þ surface as a function of lGa using (4.1), demonstrating that many types
of reconstructions are found depending on the Ga chemical potential [17]. The
surfaces that have Ga atoms at the topmost layer are stabilized over a wide range of
Ga chemical potentials. The calculated surface phase diagram on semipolar
GaN 1�101ð Þ surface is shown in Fig. 4.16a [23]. With increasing temperature, the
Ga bilayer metallic reconstruction that is stabilized at low temperatures changes its
structure from a Ga monolayer to Ga dimers. The metallic reconstruction is sta-
bilized under Ga-rich conditions similarly to the GaN(0001) surface. Therefore,
many types of reconstructions could appear at approximately 1100 K (a typical
MBE growth temperature) depending on the Ga BEP, even though the stabilization
temperature range for the ideal surface is very narrow. This conclusion suggests that
the GaN 1�101ð Þ surface growth kinetics depends on the growth temperatures.

Figure 4.15b displays the calculated surface formation energies of semipolar
GaN 11�22ð Þ surface as a function of lGa using (4.1), demonstrating that many types
of reconstructions are found depending on the Ga chemical potential [13]. The
surfaces that have Ga atoms at the topmost layer are stabilized over a wide range of
Ga chemical potentials. Figure 4.16b shows the calculated surface phase diagram
on semipolar GaN 11�22ð Þ surface [23]. The diagram suggests that the metallic
reconstructions with a Ga adlayer or a monolayer emerge only at low temperatures
and high Ga-rich conditions. In contrast, the Ga adatom surface is favored over a
wide temperature range. The calculated surface phase diagram agrees well with the

Fig. 4.14 Calculated phase diagrams for polar GaN surfaces with a 1�100ð Þ and b 11�20ð Þ
orientations as functions of temperature and Ga BEP. Schematics of stable reconstructions on these
surfaces are also shown. Notations of circles are the same as those in Fig. 4.11
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experimental results in which the Ga monolayer surface was formed under high Ga
fluxes near the Ga accumulation (droplet) onset in the plasma-assisted MBE
(T * 1000 K) [58]. The calculated phase diagram thus suggests that the growth
kinetics and its temperature dependence on GaN 11�22ð Þ surface are similar to those
on GaN 1�101ð Þ surface.

Fig. 4.15 Calculated surface formation energies for polar GaN surfaces with a 1�101ð Þ and
b 11�22ð Þ orientations as a function of Ga chemical potential lGa. The origin of lGa is set the
energy of bulk Ga. Schematics of the surface structures under consideration are also shown.
Notations of circles are the same as those in Fig. 4.11

Fig. 4.16 Calculated phase diagrams for polar GaN surfaces with a 1�101ð Þ and b 11�22ð Þ
orientations as functions of temperature and Ga BEP. Schematics of stable reconstructions on these
surfaces are also shown. Notations of circles are the same as those in Fig. 4.11. Temperature range
for the MBE growth in [58] is also shown
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4.2.7 Polar InN 0001ð Þ and 000�1ð Þ Surfaces

High quality InN is known to be difficult to grow compared with other III-nitrides,
such as AlN and GaN, because of a relatively low dissociation temperature and a
high equilibrium N2 vapor pressure [59, 60]. Nevertheless, several experimental
studies [61–63] have reported the growth of high-quality InN crystals. These reports
suggest that polarity termination is an important consideration when growing
high-quality III-nitride compounds [64]. The InN radio frequency MBE growth on
a sapphire substrate produced surfaces with varying polarities depending on the
growth temperature. Thus, the atomic structures of the In surface reconstructions
have been the subject of many experimental and theoretical investigations. Several
stable structures on InN(0001) depending on the growth conditions, where an In
monolayer directly above the surface N atoms is stabilized on a InN(0001) surface,
have been proposed on the basis of surface formation energy [37, 38]. Figure 4.17
displays the calculated surface formation energy for InN(0001) and 000�1ð Þ surfaces
as a function of lIn using (4.1). There are three types of reconstructions including
the ideal surface and depending on the In chemical potential. The metallic surface
with an In bilayer is stabilized under extremely In-rich conditions. On the contrary,
the calculated surface formation energy of InN 000�1ð Þ suggests that there is only
one reconstruction over the entire range of In chemical potential. The surface with
In monolayer is always stable on InN 000�1ð Þ surface as shown in Fig. 4.17b.

Figure 4.18 shows the calculated surface phase diagrams of InN(0001) and
000�1ð Þ surfaces as functions of temperature and In BEP [23]. The surface phase
diagram for InN(0001) shown in Fig. 4.18a indicates that the metallic surface is
stable in the temperature range below 695 K at 1� 10�8 Torr and below 850 K at

Fig. 4.17 Calculated surface formation energies for polar InN surfaces with a (0001) and
b 000�1ð Þ orientations as a function of In chemical potential lIn. The origin of lIn is set the energy
of bulk In. Schematics of the surface structures under consideration are also shown. Large and
small circles represent In and N atoms, respectively
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1� 10�4 Torr. The (2 � 2) surface with an In adatom is stabilized under the
moderate conditions of 695–725 K at 1� 10�8 Torr and 860–890 K at 1� 10�4

Torr. The ideal surface is favored for lower In BEP and higher temperatures
because In desorption is enhanced at lower In BEP and higher temperatures.
Therefore, during the MBE growth of InN (725–825 K), the surface changes from
the metallic surface with In bilayer to the ideal surface via the (2 � 2) structure
with In adatom at a lower In BEP and higher temperatures. Although experimental
data are not available for comparison to the calculated results, trends obtained by
theoretical calculations reasonably agrees with the formation energies obtained by
previous ab initio calculations [37, 38]. Both the surface with In bilayer and the
ideal surface are stabilized, even though they do not satisfy the electron EC rule
[41]. These stable InN(0001) surface structures differ from those found for other
closely related III-nitride compounds, such as AlN and GaN, over the entire tem-
perature and pressure range.

The surface phase diagram on InN 000�1ð Þ shown in Fig. 4.18b reveals that In
monolayer surface is always stable. The phase diagram also suggests that the In
monolayer surface is stabilized regardless of the growth conditions, which is dif-
ferent from the results of GaN 000�1ð Þ surface. In the case of GaN surfaces, the
lowest energy surface structure is a Ga monolayer and occurs only at low tem-
peratures. However, under N-rich conditions, the surface with a Ga adatom on the
H3 site in the (2 � 2) unit cell has the lowest energy, as shown in Fig. 4.11b. The
stabilization of In monolayer on InN 000�1ð Þ surface could be related to the inter-
atomic distances between the In monolayer (*3.16 Å) atoms, which are similar to
those with bulk In (3.28 Å) with tetragonal symmetry.

Fig. 4.18 Calculated phase diagrams for polar InN surfaces with a (0001) and b 000�1ð Þ
orientations as functions of temperature and In BEP. Schematics of stable reconstructions on these
surfaces are also shown. Notations of circles are the same as those in Fig. 4.17. Temperature range
for the MBE growth in [61–63] is also shown
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4.2.8 Nonpolar InN 1�100ð Þ and 11�20ð Þ Surfaces

Figure 4.19 shows the calculated surface formation energies for nonpolar
InN 1�100ð Þ and 11�20ð Þ surfaces as a function of lIn using (4.1) [23, 38]. This figure
suggests that the trends in stable structures in InN nonpolar planes are similar to
those in GaN. The ideal surface is stable at moderate and high N/In ratios, and the
metallic reconstruction similar to those in GaN surfaces [32, 38] is stabilized under
In-rich conditions.

The calculated surface phase diagrams for nonpolar InN surfaces, shown in
Fig. 4.20, successfully reproduce these structural characteristics depending on the
growth conditions [23]. The ideal surface appears beyond the temperature range of
720–1010 K and 740–1035 K on InN 1�100ð Þ and 11�20ð Þ surfaces, respectively,
whereas the surfaces with an In monolayer are stable at lower temperatures. For the
ideal surfaces, the N atoms relax outward similar to the GaN nonpolar surfaces,
whereas the In atoms relax inward and are accompanied by a charge transfer from the
In dangling bonds to the N dangling bonds. The ideal surfaces thus satisfy the EC
rule [41] and are stabilized without any adsorption or desorption from the surface. As
expected from nonpolar orientations, the MBE growth of InN proceeds with over a
wide range of In BEP and at the conventional growth temperatures (725–825 K).

4.2.9 Semipolar InN 1�101ð Þ and 11�20ð Þ Surfaces

Figure 4.21 shows the calculated surface formation energies for InN semipolar
surfaces as a function of lIn using (4.1). The stable surface structures shown in

Fig. 4.19 Calculated surface formation energies for polar InN surfaces with a 1�100ð Þ and
b 11�20ð Þ orientations as a function of In chemical potential lIn. The origin of lIn is set the energy
of bulk In. Schematics of the surface structures under consideration are also shown. Notations of
circles are the same as those in Fig. 4.17

72 T. Akiyama



Fig. 4.21 are slightly different from those on semipolar GaN surfaces shown in
Fig. 4.15 because of the narrow chemical potential range of In [13, 16]. For the
InN 1�101ð Þ surface shown in Fig. 4.22a, there are several possible reconstructions
depending on temperature and In BEP [23]. The metallic reconstruction with the In
bilayer that is stabilized at low temperatures changes its In monolayer structure to
contain In dimers upon higher temperatures. The stabilization of metallic

Fig. 4.20 Calculated phase diagrams for polar InN surfaces with a 1�100ð Þ and b 11�20ð Þ
orientations as functions of temperature and In BEP. Schematics of stable reconstructions on these
surfaces are also shown. Notations of circles are the same as those in Fig. 4.17

Fig. 4.21 Calculated surface formation energies for polar InN surfaces with a 1�101ð Þ and
b 11�22ð Þ orientations as a function of In chemical potential lIn. The origin of lIn is set the energy
of bulk In. Schematics of the surface structures under consideration are also shown. Notations of
circles are the same as those in Fig. 4.17
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reconstruction under In-rich condition is similar to what occurs for the GaN 1�101ð Þ
surface [17]. Therefore, many types of reconstructions can appear during the MBE
growth depending on the In BEP, which also suggests that the growth kinetics on
InN 1�101ð Þ surface depend on the growth temperatures.

The calculated surface phase diagram of semipolar InN 11�22ð Þ surface shown in
Fig. 4.22b suggests that the metallic reconstruction with an In monolayer emerges
only at low temperatures with In-rich conditions [13, 23]. In contrast, the In adlayer
surface is favored over the wide temperature range. The calculated phase diagram
thus suggests that the MBE growth proceeds on the In adlayer surface over the wide
range of In BEP. Although few experimental reports have been published for the
structure of InN semipolar surfaces, these results are informative for clarifying the
InN 11�22ð Þ surface reconstructions.

4.3 Hydrogen Adsorption on III-Nitride Compounds

During typical vapor-phase epitaxy such as MOVPE, the surface interacts with
H-rich ambient. When we consider high H2 pressure conditions corresponding to
MOVPE growth, the stable structures differ from those at low H2 pressure. Thus,
clarifying the reconstruction and taking the hydrogen adsorption into account are
indispensable when investigating the stability of III-nitride surfaces during the
MOVPE growth. In this section, the stability of hydrogen, such as H2 and NH2, on
various III-nitride surfaces, is systematically investigated on the basis of surface
phase diagrams, in which gas-phase chemical potentials of H2 is taken into account.

Fig. 4.22 Calculated phase diagrams for polar InN surfaces with a 1�101ð Þ and b 11�22ð Þ
orientations as functions of temperature and In BEP. Schematics of stable reconstructions on these
surfaces are also shown. Notations of circles are the same as those in Fig. 4.17
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4.3.1 Structures of AlN Surfaces with Hydrogen

Figure 4.23 shows the diagrams of stable AlN surfaces as functions of lAl and lH
using (4.1) [20, 21, 24, 39]. The boundary lines separating different regions cor-
respond to chemical potentials for which two structures have the same formation
energy. For polar AlN(0001) surface, as shown in Fig. 4.23a, when lH � lH2

� 0
eV (lH2

is the chemical potential of H2 molecule), the (0001) surface with NH3 and
NH2 (Al–NH3 + 3Al–NH2) is favorable under N-rich conditions while that with
NH3 and three Al–H bonds (Al–NH3 + 3Al–H) is stabilized under Al-rich condi-
tions. For lH � lH2

� � 1:4 eV, the (0001) surface with an N adatom (Nad) and
that with an Al adatom (Alad) are stabilized under N-rich and Al-rich conditions,
respectively. The surface with Al bilayer is stabilized under extreme Al-rich con-
ditions satisfying lAl � � 0:04 eV. However, this structure is not stable during the
growth since H2 pressures of 76 Torr (0.1 atm) at 1300–1800 K, which is a typical
MOVPE condition, correspond to lH � lH2

ranging from �1:6 to �1:1 eV. For
�1:6� lH � lH2

� � 1:1 eV, the (0001) surface tends to form Al–H bonds (3Al–
H) in under Al–rich conditions, whereas hydrogen terminated N adatoms such as
NH and NH2 (Nad–H + Al–H and Nad–H + Al–NH2) are stabilized under N–rich
conditions. It is thus expected that the reconstructions with H atoms as well as the
surface with an N adatom emerge under H-rich ambient.

The reconstructions with N adatoms are not favorable on AlN 000�1ð Þ surface, as
shown in Fig. 4.23b. This is because the formation of N–N bonds leads to nitrogen
desorption as N2 molecules. The 000�1ð Þ surface forms N–H bonds (3N–H) under
extreme H-rich conditions while Al adsorption occurs under H-poor conditions. The
surface with Al monolayer and that with an Al adatom at the tetrahedral (T4) site
are stabilized under Al- rich and N-rich conditions, respectively. The transition
point between adlayer and adatom is located at lAl ¼ �0:42 eV. If we consider
H-rich conditions during the MOVPE growth (�1:6� lH � lH2

� � 1:1 eV), these
reconstructions can emerge depending on temperature and Al pressure.

For nonpolar AlN 1�100ð Þ surface shown in Fig. 4.23c, when lH � lH2
� 0 eV,

the 1�100ð Þ surface with H atoms and NH2 molecules (2N–H + 2Al–NH2) that
terminate the outermost N and Al atoms, respectively, is favorable under N-rich
conditions. On the other hand, the H-terminated 1�100ð Þ surface (2N–H + 2Al–H) is
stabilized under Al-rich conditions. The intermediate surface structure (2N–
H + Al–H + Al–NH2) between 2N–H + 2Al–NH2 and 2N–H + 2Al–H is also
stabilized for the (relaxed) ideal surface consisting of the outermost Al and N atoms
is stabilized irrespective of the chemical potential of Al. Even under Al-rich con-
ditions, the surfaces with Al adatoms such as Al monolayer or bilayers cannot be
stabilized. Since H2 pressures of 76 Torr (0.1 atm) at 1300–1800 K, which is a
typical MOVPE condition, correspond to lH � lH2

ranging from �1:6 to �1:1 eV,
the ideal surface found to be stable during the growth. It is thus expected that the
ideal 1�100ð Þ surface without H atoms emerges even under H-rich ambient.
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Fig. 4.23 Stable structures of polar a AlN(0001) and b AlN 000�1ð Þ surfaces, nonpolar
c AlN 1�100ð Þ and d AlN 11�20ð Þ surfaces, and semipolar e AlN 1�101ð Þ and f AlN 11�22ð Þ surfaces
as functions of lAl and lH. The origins of lH and lAl correspond to H2 molecules and bulk Al (Al
droplet) at T = 0 K, respectively. Stable region of the surfaces with hydrogen is emphasized by
shaded area. Top views of surface structures are also shown. Notations of circles are the same as
those in Fig. 4.5. The positions of H atoms in the H-terminated surfaces are marked by crosses

76 T. Akiyama



Figure 4.23d shows the diagram of stable AlNð11�20Þ surfaces as functions of
lAl and lH. Similar to the 1�100ð Þ plane, for lH � lH2

� 0 eV the 11�20ð Þ surface
forms both N–H and Al–NH2 bonds (2N–H + 2Al–NH2) under N-rich conditions
while the surface with N–H and Al–H bonds (2N–H + 2Al–H) is favorable under
Al-rich conditions. In contrast to the 1�100ð Þ plane, the surface with both Al–H and
Al–NH2 bonds (2N–H + Al–H + Al–NH2) is always metastable on the 11�20ð Þ
surface. For lH � lH2

� � 0:70 eV, the ideal surface is stabilized irrespective of Al
chemical potential. The surfaces with Al adatoms on the 11�20ð Þ plane are not stable
even under Al-rich conditions. The calculated surface formation energies thus
suggest that the surface with H atoms is metastable during the growth on the 11�20ð Þ
plane. The ideal 11�20ð Þ surface without H atoms emerges even under H-rich
ambient.

Figure 4.23e shows the diagram of stable AlN 1�101ð Þ surface as functions of lAl
and lH. When lH � lH2

� 0 eV, the 1�101ð Þ surface with H atoms and NH2

molecules (2(Al–NH2)–Al + 6N–H) that terminate the outermost N and Al atoms,
respectively, is favorable under N-rich conditions, whereas the H-terminated 1�101ð Þ
surface with Al–H and N–H bonds including N desorption (Al–H + 4N–H) is
stabilized under Al-rich conditions. Even under Al-rich conditions, the surfaces
with Al adatoms, such as Al monolayer or bilayers cannot be stabilized. Since H2

pressures of 76 Torr (0.1 atm) at 1300–1800 K, which is a typical MOVPE con-
dition, correspond to lH � lH2

ranging from �1:6 to �1:1 eV, the H-incorporated
surface is not stabilized during the MOVPE growth.

For AlN 11�22ð Þ surface shown in Fig. 4.23f, when lH � lH2
is close to 0 eV,

which corresponds to extreme H-rich conditions, the (2 � 2) surface with NH2

(2NH2+ 14N–H) is favorable under N-rich conditions and the c(2 � 2) surface
with N–H bonds (3AlH2 + 4N–H) is stabilized under Al-rich conditions. For low
lH � lH2

with �2:9� lAl � � 1:2 (�1:2� lAl � � 0:5) eV, the c(2 � 2) surfaces
with Al and N (Al) adatoms is stabilized under N-rich (Al-rich) conditions. The
surface with the Al monolayer is stabilized under extreme Al-rich conditions sat-
isfying lAl � � 0:3 eV. However, the surfaces covered by Al atoms are not stable
during the MOVPE growth of the AlN 11�22ð Þ surface, since the MOVPE growth is
performed under N-rich conditions. For moderately H–rich conditions, the surface
tends to form Al–H and AlH2 bonds (Alad + Nad + AlH2 and Alad–H + Nad–

H + AlH2) in addition to the Al adatom. It is thus expected that the reconstructions
with H atoms and the surface with Al adatoms will emerge under H-rich ambient.
We also note that the stable surface structures under H-poor conditions are con-
sistent with those obtained by previous calculations without taking account of H
atoms in Sect. 4.2.3.
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4.3.2 Surface Phase Diagrams for Hydrogen Adsorption
on AlN Surfaces

Figure 4.24 shows calculated surface phase diagrams that exhibit a different surface
phase diagram trend compared with those without H atoms shown in Figs. 4.6, 4.8,
and 4.10 [20, 21, 24, 25]. Here, the surface phase diagrams are obtained assuming
the H2 pressure (pH2 = 76 Torr) corresponds to H-rich conditions. The
H-terminated surfaces with NH and NH2 are primarily found over a wide range of
temperatures and Al BEP. The calculated surface phase diagram for AlN(0001)
surface shown in Fig. 4.24a demonstrates that the reconstructions with H atoms,
such as 3Al–H and Nad–H + Al–H, emerge below 1520 K [20]. However, the
surface without H atoms (Nad) can be formed above 1520 K even under H-rich
conditions. This result suggests that there are several surface reconstructions, and
the growth processes may change drastically depending on temperature and Al
pressure. Because the N dangling bonds in Nad are chemically active compared with
the N–H and Al–H bonds in 3Al–H and Nad–H + Al–H, the adsorption at high
temperatures may be more efficient than at low temperatures. Furthermore, due to
the presence of Nad over a wide range of growth conditions at low H2 pressures, the
growth rate at low H2 pressures is expected to be higher than at high H2 pressures.
For the AlN 000�1ð Þ surface, the N–H bonds (3N–H) are stabilized over a wide range
of temperatures and Al pressures, as shown in Fig. 4.24b, which suggests that the
growth processes on AlN 000�1ð Þ surface are insensitive to the growth conditions.

The calculated surface phase diagram for AlN 1�100ð Þ surface shown in
Fig. 4.24c demonstrates that the reconstruction with H atoms, 2 N–H + 2Al–H,
emerges below 1060 K, whereas the ideal surface without H atoms can be observed
only above 1060 K [21]. The surface phase diagram for AlN 11�20ð Þ surface shown
in Fig. 4.24c also demonstrate that the 2N–H + 2Al–H appears in a very narrow
temperature range (below 990 K), and the ideal surface forms over a wide range of
growth temperatures and pressures. These results imply that during growth the AlN
nonpolar surfaces always form the ideal surfaces, even under H-rich conditions.
The growth processes on nonpolar orientations are expected to be unchanged by
temperatures and Al pressures. In contrast to the other nitrides, such as GaN and
InN, the growth temperatures for AlN are too high to stabilize H atoms on nonpolar
surfaces. The appearance of ideal surface occurs upon growth due to H atom
desorption. By comparing the AlN nonpolar surface phase diagrams with polar
orientations, as shown in Fig. 4.24a and b, it is expected that the AlN growth
processes on nonpolar orientations are different from those on polar orientations.

In contrast, the surface phase diagram on AlN 1�101ð Þ surface shown in
Fig. 4.24e demonstrates that the surface with Al dimer is considerably stable over
the wide range of temperatures and Al pressures: The other H-incorporated surfaces
are found to be always metastable. This suggests that the reconstructions on
AlN 1�101ð Þ surface are also insensitive to hydrogen ambient at typical growth
temperatures ranging from 1300 to 1800 K. The surface with Al dimer satisfies the
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Fig. 4.24 Calculated surface phase diagram for H-adsorption on polar a AlN(0001) and
b AlN 000�1ð Þ surfaces, nonpolar c AlN 1�100ð Þ and d AlN 11�20ð Þ surfaces, and semipolar
e AlN 1�101ð Þ and f AlN 11�22ð Þ surfaces as functions of temperature and Al BEP under high H2

pressure (pH2 ¼ 76 Torr) conditions. Top views of surface structures are also shown. Notations of
circles are the same as those in Fig. 4.5. The positions of H atoms in the H-terminated surfaces are
marked by crosses
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EC rule [41]. Although the 1�101ð Þ orientation has N-polar, the ideal surface has
two-coordinated N atoms. These two-coordinated N atoms on the ideal surface
tends to desorb from the surface, resulting in the formation of Al dimers. It should
be noted that the surface reconstructions on semipolar AlN 1�101ð Þ surface are quite
different from those on GaN 1�101ð Þ surface, which is discussed in Sec. 4.3.4.

Figure 4.24f shows the calculated surface phase diagram of AlN 11�22ð Þ surface,
which demonstrates that there are several reconstructions depending on temperature
and Al pressure. The reconstructions with H atoms, such as Alad-H + Nad–

H + AlH2 and 2NH2 + 14N–H, emerge under low Al pressure conditions. In
contrast, the c(2 � 2) surfaces without H atoms such as Alad and Alad + Nad are
stabilized under high Al pressure conditions. Around 1400 K, which corresponds to
the temperature of the MOVPE growth, the Alad appears under low Al pressure
conditions below 1� 10�5 Torr, whereas the Alad–H + Nad–H + AlH2 is stabilized
under high Al pressure conditions beyond 1� 10�5 Torr. It is thus expected that the
structural change from Alad to Alad–H + Nad–H + AlH2 with Al pressure will cause
the difference in the growth processes. The stability of these surface structures can
be interpreted in terms of the adsorption energy of hydrogen (�1:1 eV/atom) and
the EC rule [41].

4.3.3 Structures of GaN Surfaces with Hydrogen

Figure 4.25 shows the diagrams of stable GaN surfaces including hydrogen as
functions of lGa and lH using (4.1) [17, 18, 19, 27]. For polar GaN(0001) surface,
as shown in Fig. 4.25a, the surfaces with H atoms are stabilized under H-rich (high
lH) conditions. If we assume the pressures of H2 and Ga as pH2 = 76 and pGa ¼
5:0� 10�4 Torr for 1270–1370 K, respectively [open circles in Fig. 4.25a], the
surface with a topmost Ga atom terminated by an NH2 molecule and an
H-terminated N adatom attached to the other topmost Ga (Nad–H + Ga-NH2) is
favored under N-rich conditions lGa � � 1:16 eV. For relatively Ga-rich condi-
tions, on the other hand, the H-terminated surface with an H-terminated N adatom
(Nad–H + Ga–H) is stabilized. Therefore, these surfaces are expected to emerge
during the MOVPE depending on the growth conditions. Since both the
Nad–H + Ga–H and Nad–H + Ga–NH2 satisfy the EC rule, [41] the stabilization of
the Nad–H + Ga–NH2 under N-rich conditions can be interpreted in terms of the
desorption of Ga atoms. The topmost Ga atoms in the Nad–H + Ga–H desorb and N
atoms appear with decreasing lGa. Owing to H2 ambient under H-rich conditions, H
atoms terminate the remaining N atoms, resulting in the formation of H-terminated
N adatoms and Ga–NH2 bonds.

The reconstructions with N adatoms are not favorable on GaN 000�1ð Þ surface, as
shown in Fig. 4.25b. As mentioned before, this is because the formation of N–N
bonds leads to nitrogen desorption as N2 molecules. The 000�1ð Þ surface forms N–H
bonds (3N–H) regardless of H chemical potential. The surface with Ga monolayer
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Fig. 4.25 Stable structures of polar a GaN(0001) and b GaN 000�1ð Þ surfaces, nonpolar
c GaN 1�100ð Þ and d GaN 11�20ð Þ surfaces, and semipolar e GaN 1�101ð Þ and f GaN 11�22ð Þ surfaces
as functions of lGa and lH. The origins of lH and lGa correspond to H2 molecules and bulk Ga
(Ga droplet) at T = 0 K, respectively. Stable region of the surfaces with hydrogen is emphasized
by shaded area. Stable region of the surfaces with hydrogen is emphasized by shaded area. Open
circles indicate lH and lGa with pH2 ¼ 76 and pGa ¼ 5� 10�4 Torr, respectively, ranging from
1270 to 1370 K. Top views of surface structures are also shown. Notations of circles are the same
as those in Fig. 4.11. The positions of H atoms in the H-terminated surfaces are marked by crosses
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are stabilized under Ga-rich conditions. The boundary between Ga monolayer and
3N–H satisfies the condition expressed as lH ¼ 1:31lH � 0:84 eV. If we consider
H-rich conditions during the MOVPE growth (�1:6� lH � lH2

� � 1:1 eV), these
reconstructions can emerge depending on temperature and Ga pressure.

Although similar NH2-terminated surface, such as the H-terminated surface with
NH2 (N–H + Ga–NH2) shown in Fig. 4.25a, is also stabilized under H-rich con-
ditions on GaN 1�100ð Þ and 11�20ð Þ surfaces, the stable structures shown in
Fig. 4.25c and d are different from those on GaN(0001) surface. Even under H-rich
conditions lH � lH2

� �1 eV, the ideal surface is stabilized. This is because
dangling bonds of topmost Ga and N atoms are empty and filled by electrons,
respectively, satisfying the EC rule [41]. The N–H + Ga–NH2 is favorable in
addition to the ideal surface under N-rich conditions during the MOVPE growth.
The stabilization of the N–H + Ga–NH2 under N-rich condition can be interpreted
in terms of the desorption of Ga atoms, as seen in the H-terminated GaN(0001)
surface.

In the case of GaN 1�101ð Þ surface shown in Fig. 4.25e, when we consider high
H2 pressure conditions which correspond to the case of MOVPE growth, the stable
structures differ from those in low H2 pressures. We obtain the hydrogen chemical
potential lH � lH2

¼ �1:05 eV using (2.63) for the pressure of H2 around 76 Torr
(0.1 atm) at 1300 K. In this condition, the surface in which all the topmost N atoms
and one of topmost Ga atoms in the Ga–Ga dimers are terminated by H atoms (4N–
H + Ga–H) is found to be stabilized over the wide chemical potential range of Ga.
The surface with a Ga bilayer are stabilized only for lGa � � 0:04 eV. This implies
that the 4N–H + Ga–H usually appears during the MOVPE growth. It should be
noted that the bonding states of Ga–Ga dimer and Ga–H bonds are completely
occupied by the excess electrons caused by N–H bonds. Since there is no excess
electron on the Ga dangling bonds, the stabilization of the 4N–H + Ga–H can be
interpreted in terms of the EC rule, [41] as seen in the H-terminated GaN(0001)
surface.

In contrast to these polar and nonpolar surface orientations, the diagram of
GaN 11�22ð Þ surface shown in Fig. 4.25f manifests the absence of growth-condition
dependence. The H-terminated surface with NH and NH2 (Ga–NH2–Ga + N-H) is
stabilized over the wide range of lGa and lH, implying that this structure is
expected to emerge during the MOVPE regardless of the growth conditions. The
stabilization of this surface is related to the polarity of GaN 11�22ð Þ surface. The
N-terminated surface where the two- and three-coordinated topmost N atoms appear
is the ideal cleavage surface. Because the N–H bond is a very stable configuration
and can form bonds with Ga, N and H atoms, the H atoms easily terminate the
topmost N atoms with a large increase in energy (*4 eV). To satisfy the EC rule,
[41] three of the eight top N atoms have lone pairs. This structure is similar to the
stable H-terminated GaNð000�1) surface, which has a strong hydrogen affinity.
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4.3.4 Surface Phase Diagrams for Hydrogen Adsorption
on GaN Surfaces

Figure 4.26 displays the calculated surface phase diagrams of H-adsorbed GaN
surface phase diagrams for polar (0001), polar 000�1ð Þ, nonpolar 1�100ð Þ nonpolar
11�20ð Þ, semipolar 1�101ð Þ and semipolar 11�22ð Þ orientations as functions of tem-
perature and Ga BEP [17–19]. The surface phase diagrams are obtained assuming
the H2 pressure, pH2 ¼ 76 Torr (0.1 atm), corresponds to H-rich conditions. The
adsorption of H atoms exhibits a different surface phase diagram trend compared
with those without H atoms, as shown in Figs. 4.12, 4.14, and 4.16. The
H-terminated surfaces with NH and NH2 are typically formed over a wide range of
temperatures and Ga BEP.

The surface phase diagram for polar GaN(0001) surface shown in Fig. 4.26a
demonstrates that the Nad–H + Ga–H can be formed from 1270 to 1370 K at
pGa � 1� 10�3 Torr [18]. The diagram also indicates that Nad–H + Ga–H and Nad–

H + Ga–NH2 are stabilized at low temperatures and high temperatures, respec-
tively. Since both Nad–H + Ga–H and Nad–H + Ga–NH2 satisfy the EC rule, [41]
the stabilization of Nad–H + Ga–NH2 under N-rich conditions can be interpreted in
terms of the desorption of Ga atoms. In Nad–H + Ga–H, the topmost Ga atoms
desorb and N atoms appear with decreasing lGa. When the surface is exposed to
H-rich conditions, H atoms immediately terminate the remaining N atoms, resulting
in the formation of H-terminated N adatoms and Ga–NH2 bonds.

For GaN 000�1ð Þ surfaces shown in Fig. 4.26b, the surfaces terminated by H
atoms (3N–H) is stabilized over the entire temperature and Ga BEP. This suggests
that the reconstructions on GaN 000�1ð Þ surface is insensitive to the growth condi-
tions. The reconstructions with Ga adatoms, that are stabilized without H atoms
shown in Fig. 4.12b, are not favorable due to the N–N bond formation which leads
to the desorption of N atoms as N2 molecules. The N–H bond has a very stable
configuration among various bonds between Ga, N and H atoms, so that the H
atoms easily terminate the topmost N atoms and a large energy gain (*4 eV)
occurs. The formation of three N–H bonds leads to a charge transfer from the N–H
bond to the remaining N dangling bond, which results in the formation of filled
dangling bonds (lone pairs) to satisfy the EC rule [41]. This structure corresponds to
the strong affinity of hydrogen.

The nonpolar GaN 1�100ð Þ and 1�120ð Þ surfaces shown in Fig. 4.26c and d,
respectively, form NH2-terminated surfaces similar to the GaN(0001) surface [17,
19]. However, the stable structures are different from those found on the GaN(0001)
surface, depending on the growth temperature. The ideal surface shown in Fig. 4.14
is stable even under the H-rich conditions at 1200–1400 K at pGa � 1� 10�4 Torr.
This is because dangling bonds of the topmost Ga are empty, and the topmost N
atoms are filled by electrons, which both satisfy the EC rule [41]. The N–H + Ga–
NH2 is favorable below 1300 K for pGa � 1� 10�4 Torr. Therefore, two different
types of reconstructions can occur in the MOVPE growth on nonpolar orientations.
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Fig. 4.26 Calculated surface phase diagram for H-adsorption on polar a GaN(0001) and
b GaN 000�1ð Þ surfaces, nonpolar c GaN 1�100ð Þ and d GaN 11�20ð Þ surfaces, and semipolar
e GaN 1�101ð Þ and f GaN 11�22ð Þ surfaces as functions of temperature and Ga BEP under high H2

pressure (pH2 ¼ 76 Torr) conditions. Top views of surface structures are also shown. Notations of
circles are the same as those in Fig. 4.11. The positions of H atoms in the H-terminated surfaces
are marked by crosses
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In contrast to polar and nonpolar surfaces, the surface phase diagram for
semipolar GaN 1�101ð Þ surface is simple, as shown in Fig. 4.26e [17]. The surface
with N atoms at the top layer and also Ga atoms at the top layer with Ga–Ga dimers
that are terminated by H atoms is stable over a wide range of Ga BEP and tem-
peratures, suggesting that the 4N–H + Ga–H usually appears during the MOVPE
growth. The bonding states of the Ga–Ga dimer and Ga–H bonds are completely
occupied by the excess electrons due to the N–H bonds. Thus, the stability of 4N–
H + Ga–H can be interpreted in terms of the EC rule, [41] as seen in the
H-adsorbed polar and nonpolar GaN surfaces. The surface phase diagram of
GaN 11�22ð Þ surface shown in Fig. 4.26f indicates that the stable region of the Ga–
NH2–Ga + N–H expands over the wide temperature and Ga BEP range, suggesting
that this structure always emerges at temperatures ranging from 1200 to 1400 K
regardless of Ga pressure [18]. This suggests that Ga–NH2–Ga + N–H emerges
during the MOVPE regardless of the growth conditions. The stabilization is related
to the polarity of GaN 11�22ð Þ surface: The N-terminated surface where the two- and
three-coordinated topmost N atoms appear is the ideal cleavage surface. Because
the N–H bond is a very stable configuration and can form bonds with Ga, N and H
atoms, the H atoms easily terminate the topmost N atoms. To satisfy the EC rule,
[41] three of the eight top N atoms have lone pairs. This structure is similar to the
stable H-terminated GaNð000�1) surface, which has a strong hydrogen affinity.

4.3.5 Structures of InN Surfaces with Hydrogen

It is known that growth on InN is prevented with increasing H2 pressure and when N2

is used as the carrier gas. Thermodynamic analysis has also shown that the InN
deposition rate decreases with increasing hydrogen pressure, [65] suggesting that
surface reconstructions and growth kinetics on InN surfaces are different than on AlN
and GaN surfaces. From a theoretical perspective, the reconstructions on nonpolar
and semipolar InN surfaces under different MBE growth conditions have been
investigated, and several stable structures have been found depending on the growth
conditions [16, 37, 38]. However, the stability and its temperature and pressure
dependence on InN surfaces have been less pursued than for clean InN surfaces.

Figure 4.27 shows the diagrams of stable InN surfaces including hydrogen as
functions of lIn and lH using (4.1) [18]. For polar InN(0001) and 000�1ð Þ surfaces
shown in Fig. 4.27a and b, respectively, the surface with In adatom and that with
In bilayer are stabilized at moderate In/N rations and In-rich conditions with H-poor
(low lH) conditions, respectively. For H-rich (high lH) conditions, the H-terminated
surfaces with N–H and NH2 (Nad–H + In–NH2 for InN(0001) surface and 4N–H
for InN 000�1ð Þ surface) are stabilized. If we assume the pressures of H2 and In as
pH2 = 76 and pIn ¼ 5:0� 10�4 Torr for 770 � 900 K, respectively, [open circles
in Fig. 4.27a and b], these surface are favorable over the wide range of
lH and lIn. Therefore, the H-terminated surfaces, such as Nad–H + In–NH2 on InN
(0001) surface [Fig. 4.27a] and the 4N–H on InN(0001) [Fig. 4.27b] is expected to
emerge during the MOVPE regardless of the growth conditions.
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The surfaces with NH and NH2 are also stabilized under H-rich conditions on
InN 11�20ð Þ and 11�22ð Þ surfaces as shown in Fig. 4.27d and f, respectively. If we
assume the pressures of H2 and In as pH2 = 76 and pIn ¼ 5:0� 10�4 Torr for
770 � 900 K, respectively, [open circles in Fig. 4.27d and f] the H-terminated
surfaces with NH2 on InN 11�20ð Þ and InN 11�22ð Þ surfaces (N–H + In–NH2 and
In–NH2–In + N–H, respectively) are stabilized over the wide range of lH and lIn.
Since there are many excess electrons on these surfaces, the stability of InN sur-
faces on nonpolar and semipolar orientations is quite different from that on GaN
surfaces. Due to low growth temperatures of InN, the surfaces with large number of
N–H bonds become the most favorable configuration even though many excess
electrons are generated by N–H bonds. The EC rule [41] is no longer satisfied on
semipolar InN 11�22ð Þ surfaces. This trend can be seen for InN 1�100ð Þ and 1�101ð Þ
surfaces shown in Fig. 4.27c and e.

4.3.6 Surface Phase Diagrams for Hydrogen Adsorption
on InN Surfaces

Figure 4.28 displays the calculated surface phase diagrams of H-adsorbed InN
surfaces for polar (0001), polar 000�1ð Þ, nonpolar 1�100ð Þ, nonpolar 11�20ð Þ,
semipolar 1�101ð Þ and semipolar 11�22ð Þ orientations as functions of temperature and
In BEP, assuming an H2 pressure (pH2 = 76 Torr) that corresponds to H-rich con-
ditions [18, 23]. Similar to GaN surfaces, the adsorption of H atoms exhibits a
different surface phase diagram compared with those without H atoms, as shown in
Figs. 4.18, 4.20 and 4.22. These surface phase diagrams demonstrate that the
H-terminated surfaces with NH and NH2 are stabilized at temperatures above
675–900 K. Therefore, the H-terminated surfaces, such as the Nad–H + In–NH2 on
the InN(0001) surface [Fig. 4.28a], the 4N–H on the InN(0001) surface [Fig. 4.28b],
the N–H + In–NH2 on the InN 1�100ð Þ and 11�20ð Þ surfaces [Fig. 4.28c and d], and
the In-NH2–In + N–H on the InN 1�101ð Þ and 11�22ð Þ surfaces [Fig. 4.28e and f]
always emerge regardless of the growth conditions. Because there are excess elec-
trons on these surfaces, the InN surface stability of nonpolar and semipolar orien-
tations is quite different from that of GaN surfaces. Because of low InN growth
temperatures, the surfaces with a large number of N–H bonds become the most

JFig. 4.27 Stable structures of polar a InN(0001) and b InN 000�1ð Þ surfaces, nonpolar c InN 1�100ð Þ
and d InN 11�20ð Þ surfaces, and semipolar e InN 1�101ð Þ and f InN 11�22ð Þ surfaces as functions of
lIn and lH. The origins of lH and lIn correspond to H2 molecules and bulk In (In droplet) at
T = 0 K, respectively. Stable region of the surfaces with hydrogen is emphasized by shaded area.
Open circles indicate lH and lGa with pH2 ¼ 76 and pIn ¼ 5� 10�4 Torr, respectively, ranging
from 770 to 900 K. Stable region of the surfaces with hydrogen is emphasized by shaded area. Top
views of surface structures are also shown. Notations of circles are the same as those in Fig. 4.17.
The positions of H atoms in the H-terminated surfaces are marked by crosses
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Fig. 4.28 Calculated surface phase diagram for H-adsorption on polar a InN(0001) and
b InN 000�1ð Þ surfaces, nonpolar c InN 1�100ð Þ and d InN 11�20ð Þ surfaces, and semipolar
e InN 1�101ð Þ and f InN 11�22ð Þ surfaces as functions of temperature and In BEP under high H2

pressure (pH2 ¼ 76 Torr) conditions. Top views of surface structures are also shown. Notations of
circles are the same as those in Fig. 4.17. The positions of H atoms in the H-terminated surfaces
are marked by crosses
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favorable configurations even though many excess electrons are generated by N–H
bonds. The EC rule [41] is no longer satisfied on semipolar surfaces. The absence of
orientation dependence suggests that the growth kinetics on nonpolar and semipolar
surfaces are similar to polar surfaces. Because the growth of InN on a InN(0001)
surface is known to be prevented at high H2 pressures, [65] the growth on nonpolar
and semipolar surfaces is also inhibited due to the presence of hydrogen.
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of III-Nitride Compounds



Chapter 5
Thermodynamic Approach to InN
Epitaxy

Yoshihiro Kangawa

In this chapter, influences of N/III ratio, growth orientation and total pressure on
epitaxial growth processes of In(Ga)N are discussed. It is known that N/III ratio is
essential parameter to grow In(Ga)N thin films [1, 2]. Figure 5.1 shows equilibrium
vapor pressure as a function of reciprocal temperature [3, 4]. One can see the
equilibrium vapor pressure of InN is higher than that of other III-nitride semi-
conductors. It implies that decomposition temperature of InN is lower than that of
other III-nitride semiconductors. To perform high temperature growth of InN,
Matsuoka et al. increased N/III ratio from typical 2,000 to 20,000 or more [1, 2].
The increase of NH3 input partial pressure suppress the nitrogen decomposition
during InN metal-organic vapor-phase epitaxy (MOVPE). That is, it is important to
optimize N/III ratio especially for InN MOVPE. Recently, the other approaches to
increase optimum growth temperature of In(Ga)N have been examined [5–10]. One
approach is the growth of InGaN on nonpolar and semi-polar substrates. Figure 5.2
shows the normalized indium composition in InGaN relative to that of the (0001)
plane as a function of the surface offcut angle. All the data are cited from Keller
et al. [5] (orange squares), Yamada et al. [6] (blue triangles), Chichibu et al. [7]
(pink inverted triangles), Wunderer et al. [8] (red circles), Wernicke et al. [9] (green
diamonds), and Jӧnen et al. [10] (red diamond). Higher indium composition sug-
gests that the growth orientations such as 10�11ð Þ and 000�1ð Þ are suitable for In(Ga)
N high temperature growth since indium decomposition during growth seems
suppressed at those growth surfaces. Furthermore, growth of InGaN on semi-polar
and/or nonpolar surfaces are important to eliminate piezoelectric fields which affect
the internal quantum efficiency of LEDs [11]. Another approach is InGaN growth
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using pressurized-reactor MOVPE (PR-MOVPE) [12–14]. The PR-MOVPE is
effective for increasing optimum growth temperature of InGaN, since the decom-
position of the material seems suppressed by the high total pressure. In this section,
influences of the N/III ratio, growth orientation and total pressure on the growth
phenomena are discussed from a viewpoint of thermodynamic approach. The cal-
culation method for thermodynamic approach is described in Sect. 5.1. In Sect. 5.2,
stability of various InN surfaces is discussed. In Sect. 5.3, effect of total pressure on
the InN growth phenomena is described.

Fig. 5.1 Equilibrium vapor
pressures of N2 over AlN,
GaN and InN, the sum of As2
and As4 over GaAs, and sum
of P2 and P4 over InP [4].
Reproduced with permission
from Matsuoka [4]. Copyright
(1992) by Elsevier

Fig. 5.2 Relationship
between the normalized In
composition relative to that of
(0001)+c plane and the
InGaN growth orientation
[5–10]
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5.1 Thermodynamic Approach

Thermodynamic analysis is one of powerful analyzing methods to predict optimum
growth conditions of compound semiconductors [15–20]. Figure 5.3 shows solid
composition x of InxGa1-xN alloy as a function of input In/(In+Ga) ratio, RIn,
obtained by thermodynamic analysis [20]. Experimental data inserted in Fig. 5.3
were obtained by Matsuoka et al. [1] The calculation conditions were the same with
those of experiments, i.e., input partial pressure of group-III gaseous sources, N/III
ratio, and NH3 decomposition ratio were 3� 10�6 atm, 20,000 and 0.0 at 500 °C;
3:6� 10�6 atm, 25,000 and 0.25 at 700 °C; and 1� 10�5 atm, 5,000 and 0.35 at
800 °C, respectively. The total pressure was 0.1 atm, and carrier gas was N2. One
can see the calculation results agree well with those of experimental results. By the
thermodynamic analysis, we can predict and discuss the influence of N/III ratio on
the growth processes of group-III nitrides. However, the conventional thermody-
namic analysis considers “gas−solid (bulk)” reaction instead of “gas−solid (sur-
face)” reaction. In the following section, we explain how to incorporate the surface
energy into the thermodynamic analysis.

5.1.1 Modeling InN MOVPE

In the typical InN MOVPE, trimethylindium (TMI) and NH3 are used as source
gases. The following thermal decomposition occurs near the substrate.

CH3ð Þ3In gð Þþ 3
2
H2 gð Þ ! In gð Þ + 3CH4 gð Þ; ð5:1Þ

Fig. 5.3 Comparison
between the theoretical results
and the experimental results.
The calculated conditionswere
the same with those of
experiments: In input partial
pressures, N/III ratio and a
were 3� 10�6 atm, 20000 and
0.0 at 500 °C; 3:6� 10�6 atm,
25000 and 0.25 at 700 °C; and
1� 10�5 atm, 5000 and 0.35 at
800 °C [17]. Reproduced with
permission from Koukitu et al.
[17]. Copyright (1997) by
Elsevier
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NH3 gð Þ ! 1
2
aN2 gð Þþ 3

2
aH2 gð Þþ 1� að ÞNH3 gð Þ: ð5:2Þ

Here, a is the NH3 decomposition ratio having the value of 0.25 [21]. The growth
reaction at surface is written as

In gð Þ + NH3 gð Þ ! InN s; surfaceð Þþ 3
2
H2 gð Þ: ð5:3Þ

Here, InN(s; surface) is the surface energy of InN. The second law of thermody-
namics for the equilibrium condition is written as

DG0
surface�gas þRT ln

aInN pH2ð Þ3=2
pInpNH3

" #
¼ 0; ð5:4Þ

where DG0
surface�gas is the standard Gibbs energy of the reaction for (5.3); R is the

gas constant; T is growth temperature; p is gas−surface equilibrium partial pres-
sures; and aInN is the activity of InN(s; surface) that takes a value of 1 for pure
substances. The assumption of a stoichiometric growth condition is written as

DpIn ¼ DpNH3; ð5:5Þ

DpIn ¼ � 2
3
DpH2; ð5:6Þ

where Dp represents the difference in the input partial pressure p0 and the gas
−surface equilibrium partial pressure p. By solving (5.4) under the stoichiometric
growth conditions described in (5.5) and (5.6), the gas−surface equilibrium partial
pressures pIn, pNH3, and pH2 are obtained.

The standard Gibbs energy of reaction for (5.3), which is needed to solve (5.4),
is written as

DG0
surface�gas ¼ DG0

bulk�gas þDEsurface�bulk: ð5:7Þ

Here, DG0
bulk�gas is the standard Gibbs energy of reaction from the source gas to the

bulk state, which corresponds to that used in the conventional analysis [15–17], and
DEsurface�bulk is the energy difference between the bulk state and the surface state,
which is obtained by ab initio calculations. In the following section, computational
method to obtain DEsurface�bulk is described.
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5.1.2 Surface Energy Calculation

In the ab initio calculation, a slab model composed of crystalline layers and vacuum
region with two-dimensional periodic boundary conditions is used to investigate
surface phenomena (See Fig. 5.4d). In the slab model, there are two surfaces, i.e.,
top and bottom surfaces. Dangling bonds in the bottom surface are generally
passivated with fictitious hydrogen to form perfect covalent bonds [22]. In case of
polar surfaces, surface energies of top and bottom surface are different. In order to
investigate physical phenomena on top surface, we have to exclude the surface
energy of bottom side from the total energy of the slab model. Figure 5.4 shows
schematics for extracting surface energies [23, 24]. Figure 5.4a is a slab model of
cubic GaN having nitrogen terminated 001ð Þ and 00�1ð Þ surfaces. Both side are
passivated by fictitious hydrogen, and have a same geometry. Therefore, we can
calculate the surface energy of one side by dividing by two. Figure 5.4b shows
wedge-shaped model of cubic GaN surrounded by 111ð Þ, �1�11ð Þ and 00�1ð Þ N. The
surface geometry of �1�11ð Þ and 111ð Þ are the same, and the surface energy of 00�1ð Þ
N is already known by the calculation of model (a). Therefore, we can extract the
surface energy of 111ð Þ. By using of model (c), the surface energy of �1�1�1ð Þ �
000�1ð Þ, i.e., bottom surface of the slab model, can be obtained.
By using of the surface energy of the bottom side of the slab model, rbottom, the

energy difference between the bulk state and the surface state is defined as

Fig. 5.4 Cross-sectional view of the wedge-shaped structures for extracting surface energies:
a zinc-blende (ZB-) InN slab used to determine the energy of the passivated 001f g surface,
b ZB-InN triangular wedge used to determine the energy of the 111ð Þ surface, c ZB-InN slab used
to determine the energy of the �1�1�1ð Þ surface, and wurtzite (WZ-) InN slab used to determine the
energy of the 0001ð Þ surface [23, 24]
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DEsurface�bulk ¼ Eslab þ nadN l
InNðbulkÞ
In þ nadInl

InNðbulkÞ
N

h in
� nslabInN þ nadN þ nadIn

� �
lInNðbulkÞInN þ nadH lNH3 � lInNðbulkÞN

� �
=3

h
þAslabrbottom

io
NA= ntopInN þ nadN þ nadIn

� � ð5:8Þ

Here, Eslab is the total energy of the surface slab model; lInNðbulkÞIn , lInNðbulkÞN ,

lInNðbulkÞInN are the chemical potentials of In, N, InN in InN(bulk), respectively; lNH3
is the total energy of an ammonia molecule; nadIn , n

ad
N , n

ad
H are the numbers of In, N,

and H adatoms in the calculation cell, respectively; nslabInN is the number of InN
formula units in the calculation cell; ntopInN is the number of InN formula unit of the
topmost layers; NA is Avogadro’s number; and Aslab is the surface area of slab
model.

5.2 Surface Phase Diagram of InN Under MOVPE
Condition

Surface reconstruction, or adsorption structure, depends on the growth conditions,
such as the temperature and partial pressures. It is necessary to know which type of
surface reconstruction appears on the growth surface to perform the thermodynamic
analysis. The reconstructed surface with the lowest Gibbs energy should appear.
Regarding a system consisting of an ideal surface and ambient gases as the
energy-base, the Gibbs energies are written as

G ¼ Erecon
slab � Eideal

slab þ nadInl
gas
In þ nadN l

gas
NH3 þ

1
2
nadH � 3

2
nadN

� �
lgasH2

� 	
; ð5:9Þ

where Erecon
slab and Eideal

slab are the total energy of the surface slab model for the
reconstructed surfaces and an ideal surface, respectively, and lgasIn , lgasNH3, and lgasH2
are the chemical potentials of In(g), NH3(g), and H2(g), respectively. The entropies
of the gas molecules are calculated based on statistical mechanics as functions of
the temperature and the partial pressures [25–27].

Figures 5.5a–d show the surface phase diagrams of InN 0001ð Þ +c, InN 000�1ð Þ −c,
InN 10�10ð Þ m, and InN 11�20ð Þ a, respectively. A vertical axis is N/III ratio or NH3

input partial pressure. A horizontal axis is temperature. Here, following growth
parameters were considered, i.e., total pressure Rpi = 1.0, pIn

0 = 1:0� 10�5 atm,
F = 0.0, and a = 0.25. The parameter Fmeans the ratio of input hydrogen to nitrogen
carrier gas. In the case of InN 0001ð Þ +c, and InN 10�10ð Þ m, it was found that In
terminated surfaces are stable under the typical growth conditions (see Fig. 5.5a, c).
On the other hand, N−H terminated surfaces are stable at high temperatures though
In-rich surfaces appears at low temperatures in the case of InN 000�1ð Þ −c, and InN
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11�20ð Þ a (see Fig. 5.5b, d). Figures 5.6a–d show the surface phase diagrams of InN
0001ð Þ +c, InN 000�1ð Þ −c, InN 10�10ð Þ m, and InN 11�20ð Þ a, respectively. In these
figures, a vertical axis is In input partial pressure instead of NH3 input partial
pressure. Here, NH3 input partial pressure is constant, i.e., pNH3

0 = 0.2 atm. Similar
tendency is seen in these figures. That is, N−H terminated surfaces appears on InN
000�1ð Þ −c and InN 11�20ð Þa at high temperatures, though In terminated surfaces
appears on InN 0001ð Þ +c and InN 10�10ð Þ m. However, definite phase transition
temperatures are different from each other. Blue arrows in Fig. 5.5b show the
condition of N/III = 2000, for example, the transition temperature from 4NH to 3NH
surface phase is about 590 °C in former case while that is about 610 °C in latter
case. This implies that it is important to analyze the experimental data by
pIn
0 and pNH3

0 individually, though the data are frequently arranged by N/III ratio.
Furthermore, the phase transition temperature between the N–H terminated surfaces
is more sensitive to NH3 input partial pressure (see Fig. 5.5b) than In input partial
pressure (see Fig. 5.6b). On the other hand, that between In terminated surfaces are
more sensitive to pIn

0 and pNH3
0 . This is because NH3 input partial pressure or its

chemical potential in gas phase influences on the stability of N−H adsorbates, while
stability of In adatoms mainly depends on In input partial pressure or its chemical
potential in gas phase. In other words, the results suggest that the growth temperature
range varies with In input partial pressure in case of InN 0001ð Þ +c and InN 10�10ð Þ
m, while it depends on NH3 input partial pressure in case of InN 000�1ð Þ −c and
InN 11�20ð Þa.

Fig. 5.5 Surface phase diagram of a InN 0001ð Þ +c, b InN 000�1ð Þ −c, c InN 10�10ð Þ m, and d InN
11�20ð Þ a planes. In input partial pressure pIn is constant (= 1� 10�5 atm). The vertical axis is NH3

input partial pressure pNH3 or N/III ratio. Blue arrow shows the condition of N/III = 2000
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Figures 5.7a–dshowthegas−solid (surface) equilibriumpartial pressureof In (blue
and red solid line) as a function of temperature for InN 0001ð Þ+ c, InN 000�1ð Þ−c, InN
10�10ð Þ m and InN 11�20ð Þ a, respectively. Due to the variable range of lInNðbulkÞIn and

lInNðbulkÞN in (5.8), the upper limit (blue solid line) and the lower limit (red solid line)
appears in thefigures. Black solid line and black dashed line show the gas−solid (bulk)
equilibrium partial pressure of In and the input partial pressure of In, respectively. The
growth conditions used for the analysis are as follows:Rpi = 1.0, pIn

0 = 1:0� 10�5 atm,
N/III = 20000 (pNH3

0 = 0.2 atm), F = 0.0, and a = 0.25. In the figures, there are
discontinuous points in the pIn curves, i.e., blue solid lines and red solid lines. This is
because there are changes in surface energies before and after the surface phase tran-
sitions.Here, the driving force for deposition of thematerial is defined asDp=pIn

0
–pIn.

If Dp > 0, epitaxial growth is able to proceed. If Dp < 0, however, epitaxial growth is
difficult or would not proceed under the growth conditions. In case of InN 0001ð Þ +c,
Dp changes from positive to negative value at 600 °C due to the transition from In
monolayer surface to ideal surface (seeFig. 5.7a).This results suggest that theepitaxial
growth proceed when In monolayer surface appears in case of InN 0001ð Þ +c, while it
would not proceedwhen ideal surface appears. This is because ideal surface is unstable
at high temperatures. On the other hand, 4NH and 3NH surfaces are stable at relatively
high temperatures in case of InN 000�1ð Þ−c (seeFig. 5.7b).Therefore optimumgrowth
temperature of InN 000�1ð Þ−cwould be higher than that of InN 0001ð Þ+c. The driving

Fig. 5.6 Surface phase diagram of a InN 0001ð Þ +c, b InN 000�1ð Þ −c, c InN 10�10ð Þ m, and d InN
11�20ð Þ a planes. NH3 input partial pressure pNH3 is constant (= 0.2 atm). The vertical axis is In
input partial pressure pIn. Blue arrow shows the condition of N/III = 2000
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force for depositionDp of each growth orientation is summarized in Fig. 5.8 [28]. The
discontinuouspoints aredue to the surfacephase transitions.Onecan see themaximum
growth temperature of InN 000�1ð Þ −c is the highest among the analyzed orientations.
This calculation results agree well with the experimental results (see Fig. 5.2) [5–10,
13]. From this comparison, the feasibility of thermodynamic approach is confirmed.

Fig. 5.7 Equilibrium partial pressure of indium pIn near the gas−solid (surface) interface. Blue
and red solid line show the upper and lower limit of pIn. Black solid line shows the pIn near the gas
−solid (bulk) interface. The calculation conditions are written in the figures

Fig. 5.8 Driving force for
deposition Dp (= pIn

0 − pIn) as
a function of temperature.
Discontinuous points appear
due to the surface phase
transitions
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Moreover, it is found that the thermodynamic approach is a powerful tool to predict an
optimum growth conditions of various compound semiconductors.

5.3 Growth of InN by Pressurized-Reactor MOVPE

InGaN PR-MOVPE is carried out to raise the optimum growth temperature [12–
14]. Figure 5.9 shows the structural phase diagram of In N 000�1ð Þ−c PR-MOVPE
[13]. It was found that the metastable zinc blende (ZB) structure is incorporated into
the stable wurtzite (WZ)-InN structure under a high In input partial pressure and a
low temperature. In this section, the factors contributing to the structural stability of
InN during PR-MOVPE is discussed.

Figure 5.10 shows a model of the island growth process of ZB-InN and
WZ-InN. ABCABC… stacking is spontaneously formed if the �1�1�1f g facet is formed
during growth. On the other hand, WZ-InN having ABAB… stacking is formed if
the 10�10f g m facet is stable. These facets have been observed by the experiments
[13]. These suggest that the relative stability of the surfaces influences on the
structural stability of InN. Here, it is noted that �1�1�1ð Þ top surface is a N-polar
surface, whereas f�1�1�1g facet is an In-polar surface. In case of 10�10f gm facet,
occupation ratio in a top layer is In: N = 1: 1. That is, the order of In coverage h
among the ideal surfaces is as follows: h �1�1�1ð Þ < h 10�10ð Þ < h 1�1�1ð Þ. From these
considerations, relationships between In input partial pressure and relative stability
of the surfaces were examined. Figure 5.11a, b show surface phase diagrams of
WZ–InN 10�10f g m and ZB–InN �1�1�1f g, respectively. The calculation conditions
are as follows: Rpi = 2400 torr, flow rate of NH3 is 15 slm, flow rate of inert gas is 5
slm, F = 0.01, and a = 0.25. In Fig. 5.11, In bilayer or monolayer surfaces appears
at low temperature region, while III face and ideal surfaces are observed at high
temperature region. That is, In coverage becomes small with temperature increase.

Fig. 5.9 Phase diagram of
InN PR-MOVPE. Hexagons
and squares represent WZ and
WZ/ZB mixed phase,
respectively [13]
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This is because the free energy of In atoms in the gas phase becomes small com-
pared with the chemical potential of In adatoms on the surfaces.

Figure 5.12 shows the difference in surface energies between 10�10f g m and
�1�1�1f g facet surfaces, i.e., Dr=r 10�10ð Þ − r 1�1�1ð Þ. Here, r represents the surface

energy per surface area [23, 24]. Blue hexagon and red squares show the growth
conditions of WZ–InN and ZB–InN, respectively [13]. In this growth regime, ZB–
InN becomes more stable than WZ–InN under the conditions of low temperature
and high In input partial pressure. Near the phase boundary between the WZ–InN
and the ZB–InN mixture, it is found that the calculated Dr changes abruptly.
Decrease in |Dr| causes the increase in probability of ZB–InN incorporation. The
results imply that change in relative stability of 10�10f g m and 1�1�1f g facet surfaces
causes the incorporation of ZB phase during InN PR-MOVPE.

Fig. 5.10 Schematic of the
model of island growth
process. Orange and yellow
circles denote In and N atoms,
respectively
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Fig. 5.11 Surface phase diagram of a InN 10�10f g m, and b InN f�1�1�1g. To compare with the
experimental growth conditions, In input partial pressure is converted into the gas flow rate and
shown in the horizontal axis

Fig. 5.12 Difference in
surface energies: r 10�10ð Þ −
r 1�1�1ð Þ. To compare with the
experimental growth
conditions, In input partial
pressure is converted into the
gas flow rate and shown in the
horizontal axis. Hexagons and
squares represent WZ and
WZ/ZB mixed phase,
respectively
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Chapter 6
Atomic Arrangement and In
Composition in InGaN Quantum Wells

Yoshihiro Kangawa

In this section, atomic arrangement and indium incorporation in InGaN epitaxial
layers are discussed. Chichibu et al. have studied why In-containing (Al, In, Ga)N
films exhibit a defect-insensitive emission probability [1]. They concluded that
localizing valence states associated with atomic condensates of In–N preferentially
capture holes. Figure 6.1 shows a schematic of a trapped hole in InGaN films.
A hole is trapped by an In–N−In–N−In–zigzag chain [2, 3] spontaneously formed
along 11�20½ � direction in statistically homogeneous In0.15Ga0.85N alloy. The holes
form localized excitons to emit the light, though some of the excitons recombine at
non-radiative centers. Therefore, it is important to discuss the atomic arrangement
in InGaN epitaxial layers from a viewpoint of light-emitting-diode
(LED) development. On the other hand, Suski et al. have investigated the rela-
tionship between the emission wavelength and structures of In(Ga)N/GaN
short-period superlattices (SLs) [4]. Figure 6.2 shows the band gap energies and
the photoluminescence (PL) energies of polar 1In(Ga)N/nGaN SLs [4–6]. Here, the
n is a number of monolayers (MLs). That is, the specimen or calculation SL model
is composed of alternately stacked 1 ML of In(Ga)N and n MLs of GaN. The
dashed curve corresponds to the calculations performed for InxGa1–xN
quasi-random alloys [7, 8] with the asterisk marking the pure GaN [9]. In Fig. 6.2,
for example, indium composition x of 1InN/nGaN (n = 3) SLs is 0.25 (= 1/4) since
the SLs composed of 1 ML of InN and 3 MLs of GaN. The calculated Eg of the SL
model is less than 2.0 eV though that of InxGa1–xN (x = 0.25) quasi-random alloy is
about 2.5 eV. This implies that red shift of photoluminescence occurs by forming
short-period SLs in comparison with that of bulk alloy. That is, short-period 1In
(Ga)N/nGaN SLs enable band gap engineering in the blue-green range of the
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spectrum. It is also an important phenomenon to apply to the LED development. In
Sect. 6.1, atomic arrangements in InGaN layer is discussed. In Sect. 6.2, indium
incorporation in InGaN/nGaN SLs is reviewed.

Fig. 6.1 A schematic representation of trapped hole in In0.15Ga0.85N alloy. A hole trapped by an
In–N–In–N–In-zigzag chain [2, 3] spontaneously formed along the 11�20½ � direction in statistically
homogeneous In0.15Ga0.85N alloy [1]

Fig. 6.2 Calculated band gap energies Eg of In0.33Ga0.67/nGaN SLs (blue empty circles) in
comparison with that for In0.5Ga0.5N/nGaN and InN/nGaN SLs (black diamonds) and with the PL
energies EPL (red closed circles and squares) [4]. The dashed curve corresponds to the calculations
performed for InxGa1–xN quasi-random alloys [7, 8] with the asterisk marking the pure GaN [9].
Reproduced with permission from Suski et al. [4]. Copyright (2014) by American Institute Physics
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An atomic number of the model for ab initio calculation is limited. To analyze
the atomic arrangement and indium incorporation in InGaN alloy, it is necessary to
use a calculation model with a large atomic number. Saito and Arakawa investi-
gated the phase stability of InxGa1–xN based on regular-solution model using x-
dependent interaction parameter X (= –2.11x + 7.41 kcal/mol) estimated from
results of valence-force-field calculation and obtained a slightly deviated miscibility
gap from a symmetric one [10]. However, these studies focus on the stability in
bulk state and do not address those in the thin-film state. To study thermodynamic
stability in thin-film state, especially the lattice constraint from the bottom layer
must be incorporated. Kangawa et al. investigated the influence of lattice constraint
on the excess energy curves of InxGa1–xN on GaN and InN [11]. The empirical
interatomic potential used in this work has been proposed by Ito et al. [12–14] (See
Sects. 2.2 and 3.3 for more details) In the following section, the empirical inter-
atomic potential was used to calculate the cohesive energies of the systems.
A 4096-atom model was employed in the following works. The convergence of the
system energy was confirmed by the energy calculation for In0.5Ga0.5N as a
function of the number of atoms in the system as shown in Fig. 6.3. The results
suggest that the system energy becomes almost constant when the number of atoms
in the system is larger than 512. That is, a 4096-atom model is feasible to inves-
tigate the stability of InGaN thin films.

6.1 Atomic Arrangement in InGaN

It is known that InGaN blue LEDs emit brilliant light although the threading
dislocation density generated due to lattice mismatch is six orders of magnitude
higher than that in conventional LEDs. As described above, Chichibu et al. reported
that formation of In-N–In–N–In-zigzag chain enhance the generation of localized
excitons to emit the light. In Sect 6.1.1, stability of tetrahedral clusters in InGaN
epi-layer is discussed. Using the calculated energies of clusters as parameters, MC

Fig. 6.3 Cohesive energy as
a function of the atomic
number in the calculation
model (black squares
corresponds to the number of
atoms = 64, 512, 1728, and
4096) [11]
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simulations have been performed. In Sect. 6.1.2, density of In–N–In–N-In-zigzag
chain in the grown epilayer is reviewed.

6.1.1 Stability of Tetrahedral Clusters

Figures 6.4a ,b show schematics of a part of calculation model and cohesive energy
change in tetrahedral clusters as a function of surrounded indium composition,
respectively. A green tetrahedron in Fig. 6.4a denotes a cluster of attention. The
vertical axis of Fig. 6.4b shows the change in cohesive energy of this cluster.
A kind of clusters are illustrated in the right hand side of Fig. 6.4b. Within a blue
sphere drawn in Fig. 6.4a, there are 25 group-III atomic sites. The horizontal axis of
Fig. 6.4b shows indium composition in this sphere. Here, the total indium com-
position of a 4096-atomic model was kept to x = 0.25. That is, if indium compo-
sition in the blue sphere surrounding the green tetrahedron becomes large, that of
remaining area becomes small to keep composition constant. Here, the radius R of
the blue sphere is determined to 5 Å by considering the relationship between the
cohesive energy of clusters and the radius R. Figure 6.5a, b show the cohesive
energy of In4N and Ga4N clusters as a function of R, respectively. In these cal-
culations, indium occupied all group-III sites in the sphere. One can see the
R would be more than 5 Å to incorporate the influence of local composition on the
stability of each cluster. In Fig. 6.4b, red, orange and green circles show the sta-
bility of In4N, In3Ga1N and In2Ga2N cluster, respectively. They become unstable
when indium composition in the surrounding area becomes large. This implies
these clusters are unstable in the In-rich region. On the other hand, Ga-rich clusters
such as In1Ga3N and Ga4N are stable regardless of the change in indium

Fig. 6.4 a Schematic of
InGaN cross-section. White
and orange circles show
group-III atoms and nitrogen,
respectively. Green triangle
shows the tetrahedral cluster
of attention. Blue circle
(sphere) shows the local area
surrounding the tetrahedral
cluster. b Change in cohesive
energy of the tetrahedral
cluster as a function of indium
composition in the local area.
Here, the composition of the
InxGa1–xN calculation model
with 4096 atoms is 0.25
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composition in the surrounding area. The approximate lines of the data of absolute
cohesive energies are written as follows.

Ecoh ¼ AþBx: ð6:1Þ

Here, x is the indium composition within a blue sphere in Fig. 6.4a. The constants
A and B are written in Table 6.1. Using these data as MC parameters, growth
simulations of InGaN epilayer were carried out.

6.1.2 Monte Carlo Simulation of InGaN MOVPE

Homo-epitaxial growth of InGaN 0001ð Þ with a wurtzite structure was considered.
It is assumed that epitaxial growth proceeds principally by the following steps:
(Step 1) In and Ga atoms adsorb one by one onto the 0001ð Þ surface. The surface is

Fig. 6.5 Cohesive energy of
the a In4N and b Ga4N
clusters as a function of the
radius of spherical local area
(See Fig. 6.4a). In the
calculation, indium occupies
all group-III sites in the
spherical local area

Table 6.1 Cohesive energy
of each cluster Ecoh [eV/
cluster] is given as
A + Bx. (See 6.1)

Cluster A B

In4N −7.2246 0.20097

In3Ga1N −7.6762 0.12368

In2Ga2N −8.1689 0.069737

In1Ga3N −8.5626 0.018988

Ga4N −8.8766 −0.0008074
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covered by group-III atoms, (Step 2) In and Ga atoms in the top layer exchange
their positions to reduce configurational energy and (Step 3) N atoms cover the
surface. The growth process is schematically drawn in Fig. 6.6. If growth rate is
fast, growth kinetics such as atomic migration on the terrace and step-flow growth
process should be considered. In this research, slow growth rate condition is
assumed to neglect the influence of kinetic or nonequilibrium processes on the
atomic arrangement in the grown layer. To reproduce the above mentioned growth
process, following MC simulation procedure was proposed. (Step 1) Local indium
composition around the adsorption site was computed. Here, the rectangular area
with sides of 12, 12 and 10.6 Å in the length in the 11�20½ �, 1�100½ � and 0001½ �
directions, respectively, is considered as a local area. The size of considered area
seems sufficient considering the calculation results shown in Fig. 6.5. Then, the
site-correlated adsorption probability of In and Ga was estimated using the rela-
tionships between the local composition and the driving force of deposition
obtained by thermodynamic analyses (See Fig. 6.7) [15, 16]. Using the
site-correlated adsorption probability, In or Ga was adsorbed on the site. (Step 2)
The difference in cohesive energy before and after the site exchange, i.e., change in
configurational energy DEex, was computed using the relationships between the
local composition around the exchanging sites and cohesive energy of the tetra-
hedral clusters (See Figs. 6.4 and 6.8). Using the calculated DEex, site exchanging
probability Wex was computed by

Wex ¼ exp �DEex=kBTð Þ
1þ exp �DEex=kBTð Þ : ð6:2Þ

Here, kB is the Boltzmann’s constant, and T is the temperature. (Step 3) After the
site-exchanging process, N atoms covered the surface, and then atomic configu-
ration of group-III atoms was fixed. In the MC simulation, 150� 150� 44
group-III atoms were deposited, and atomic configuration was analyzed.

Fig. 6.6 Schematic of elementary process of InGaN growth
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Figure 6.9a shows the schematic of atomic column in the 0001½ � direction.
Figure 6.9b shows the relationship between the indium composition in the columns
and their occupation ratio among the all columns in the grown models. Here, 5000
Monte Carlo steps (MCS) were carried out during the simulation. 1 MCS corre-
sponds to 1 time of the site-exchanging event per one atom on the top surface. In
the MC simulation, there were 150� 150 atoms on the growth surface. Therefore,
5000 MCS means 5000� 150� 150 trials during 1 mono-layer (ML) growth. The
number of 5000 MCS was determined to reproduce an equilibrium growth process
(See Fig. 6.9c). In Fig. 6.9b, one can see the peak shift of the dispersion curve

Fig. 6.7 a Schematic of local
area of In or Ga adsorption
site. b Driving force for
deposition of InN ralatice to
that of GaN as a function of
indium composition in the
local area. Dpi is the driving
force for deposition of
element –i. Input partial
pressure of group-III atoms
pIII
0 = 1� 10�5, that of

ammonia pNH3
0 = 0.2 atm, RIn

(= pIn
0 /(pIn

0 + pGa
0 )) = 0.25,

NH3 decomposition ratio
a = 0.25, H2 ratio in the
carrier gas F = 0.01 and
Rpi = 1.0 atm
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toward the low indium composition as increase of the growth temperature. The shift
occurs because equilibrium partial pressure of indium near the growth surface
decrease with increase of temperature. That is, driving force for deposition of InN
decreases with increase of temperature compared with that of GaN. Furthermore,
the dispersion curve becomes broad as the temperature decrease. This result implies
that the compositional fluctuation in a thin film is emphasized under a low tem-
perature growth case.

Figures 6.10a, c show an atomic arrangement in 0001ð Þ plane below 5 ML from
the top surface and schematic of the simulation model, respectively. The MC
simulation was performed under the conditions of 5000 MCS and 720 °C. For
comparison, atomic arrangement in the model simulated under the conditions of 0
MCS and 720 °C is shown in Fig. 6.10b. In Fig. 6.10b, indium atoms distribute
randomly since there was no site-exchanging trial during the MC simulation.
Orange, green and blue circles in Fig. 6.10a, b show the In–N–In–N–In-zigzag
chain along h11�20i, indium aggregated region and indium dispersal region,
respectively. It is noted that indium aggregation region appears in Fig. 6.10b while
indium dispersal region appears in Fig. 6.10a. This implies that indium atoms prefer

Fig. 6.8 a Schematic of site
exchanging process.
b Change in cohesive energy
of the tetrahedral cluster as a
function of indium
composition in the local area
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to separate from each other under the equilibrium state since In-rich cluster is
unstable as shown in Fig. 6.4. Moreover, In–N–In–N–In-zigzag chain certainly
exist even under the equilibrium state as seen in Fig. 6.10a. Figure 6.10d shows

Fig. 6.9 a Schematic of atomic column in the 0001½ � direction, i.e., area surrounded by the dotted
lines. b Relationship between indium composition in the column and their occupation ratio among
all columns. c Relationship between MC step and the occupation ratio of the column having a
maximum composition

Fig. 6.10 Atomic arrangement in 0001ð Þ plane below 5 ML from the top surface in the model
calculated under the conditions of a 5000 MCS, 720 °C and b 0 MCS, 720 °C. Black and white
circles show In and Ga, respectively. Nitrogen atoms are not shown. c Schematic of MC
simulation model. d Density of In–N–In–N–In-zigzag chain as a function of indium composition
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density of In–N–In–N–In-zigzag chain in the simulation model as a function of
indium composition in InGaN films. The calculation results suggest the density of
In–N–In–N–In-zigzag chain in In-poor InGaN films is *1020 cm−3. On the other
hand, Chichibu et al. [1] reported that In–N–In–N–In-zigzag chain preferentially
capture holes. The holes form localized excitons to emit light. The exciton Bohr
diameter is *6.8 nm in this system. Here, the relationship between the density
DNRC and spacing of the non-radiative recombination centers (NRC) are 1� 1018

cm−3 and 7–11 nm; 5� 1018 cm−3 and 4–6 nm, and 1� 1019 cm−3 and 3–5 nm. In
case of DNRC = 5� 1018 cm−3, for example, there are non-radiative recombination
centers in the Bohr radius of the exciton since the spacing of NRC (= 4–6 nm) is
smaller than the exciton Bohr diameter (= *6.8 nm). This situation causes the
deterioration of the excitonic emission. If DNRC < 5� 1018 cm−3, the spacing of
NRC becomes more than 7 nm. In this situation, the In–N–In–N–In-zigzag chains
can capture the excitons and emit light. The predicted density of In–N–In–N–
In-zigzag chain (*1020 cm−3) by the MC simulations is larger than the estimated
DNRC (<5� 1018 cm−3) in InGaN films. The MC simulation results support the
experimental consideration, i.e., InGaN can emit light if the spacing of NRC is
larger than the exciton Bohr diameter.

6.2 In Incorporation in InGaN QWs

InGaN/GaN quantum structures are used in LEDs. Although the emission wave-
length can be controlled from ultraviolet to violet, blue, green, and amber regions
by increasing the In composition in the InxGa1–xN active layer, device performance
rapidly degrades at wavelengths beyond the blue-green spectral range. This is
because it is difficult to grow a high crystalline quality In-rich InGaN by
metal-organic vapor-phase epitaxy (MOVPE) or molecular beam epitaxy (MBE).
Suski et al. [4] reported that red shift of photoluminescence occurs by forming
short-period 1In(Ga)N/nGaN SLs in comparison with that of bulk alloy. This
implies that emission of blue-green light is possible from In-poor InGaN if we use
the short-period SLs. In this system, we can reduce the defect density, however it is
difficult to control the indium composition in each layer. For example, it is reported
that the 1InxGa1−xN/nGaN SLs (x = 0.33) was grown instead of the intended x = 1
[4]. In this section, indium incorporation in InGaN hetero-epitaxial layer is
reviewed. That is, influence of lattice constraint from bottom layer on the indium
incorporation in InGaN films are discussed.
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6.2.1 Effective Enthalpy of Mixing of Coherently Grown
InGaN Layers

Figure 6.11 shows a schematic of calculation model composed of 16� 16� 16
(= 4096) group-III atoms. Same number of nitrogen (4096) atoms are also incor-
porated in the model to form wurtzite structure. In the cohesive energy calculation
using the empirical interatomic potentials (See Sect. 2.2), the following coherent
growth conditions were considered: (I) the lattice parameter a of basal plane is fixed
to be that of InyGa1–yN bottom layer, (II) the lattice parameter c and displacement of
atoms are varied to minimize the system energy. The convergence of the calculation
model was confirmed by the energy calculation of In0.5Ga0.5N as a function of the
number of atoms in the model (See Fig. 6.3). The effective enthalpy of mixing
DEeff(x) is computed by

DEeff xð Þ ¼ E xð Þ � xEbulk-InNþ 1� xð ÞEbulk-GaN
� �

; ð6:3Þ

where E(x), Ebulk-InN and Ebulk-GaN are the cohesive energies of InxGa1–xN, bulk InN
and bulk GaN, respectively. Figure 6.12 shows the effective enthalpy of mixing
DEeff(x) of InxGa1–xN/InyGa1–yN (See Fig. 6.11). In case of bulk InGaN, the
DEeff(x) of x = 1.0 or 0.0 is zero since E(x) is equal to Ebulk-InN or Ebulk-GaN. In case
of InxGa1–xN/InyGa1–yN, however, DEeff(x) of x = 1.0 or 0.0 is not zero since E(x) is
not equal to Ebulk-InN or Ebulk-GaN. The DEeff(x) of x = 0.0 or 1.0 corresponds to the
difference in cohesive energy between the coherently grown InN or GaN epilayers
on InyGa1–yN and that in bulk state. That is, influence of compressive or tensile
stress on the cohesive energy of the system is incorporated in the effective enthalpy
of mixing. The approximation curves of DEeff(x) is written by the following
polynomial.

DEeff xð Þ ¼ a0 þ a1xþ a2x
2 þ a3x

3 þ a4x
4 þ a5x

5 þ a6x
6: ð6:4Þ

Fig. 6.11 Schematic of
empirical interatomic
potential calculation model
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The constants ai are written in Table 6.2. Saito and Arakawa investigated the phase
stability of InxGa1–xN based on regular-solution model using x-dependent interac-
tion parameter X (=–2.11x + 7.41 kcal/mol) estimated from results of
valence-force-field calculation and obtained a slightly deviated miscibility gap from
a symmetric one [10]. When the enthalpy of mixing curve has a parabolic shape like
Fig. 6.12b, the activities of binary compounds in the alloy aInN and aGaN are written
as [17]

aInN ¼ x exp
1� x2ð ÞX

RT

� �
; ð6:5Þ

aGaN ¼ 1� xð Þ exp x2X
RT

� �
; ð6:6Þ

using X, where R is the gas constant. However, the effective enthalpy of mixing
curves shown in Fig. 6.12a are not a parabolic shape. In this case the aInN and aGaN
are written as follows.

aInN ¼ x exp
1� xð Þ d DEeff xð Þð Þ

dx þDEeff xð Þ
RT

" #
; ð6:7Þ

aGaN ¼ 1� xð Þ exp �x d DEeff xð Þð Þ
dx þDEeff xð Þ

RT

" #
: ð6:8Þ

Fig. 6.12 Effective enthalpy of mixing curves of a InxGa1–xN/InyGa1–yN SLs and b bulk InGaN
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By using of these equations, contribution of the lattice constraint from the bottom
layer, i.e., planar compressive or tensile stress in epilayer, is incorporated in the
thermodynamic analysis [17].

6.2.2 Thermodynamic Analysis of InGaN Hetero-Epitaxy

Thermodynamic analyses of InGaN MOVPE under the conditions of input partial
pressure of group-III gaseous sources pIII

0 = 1� 10�5 atm; NH3 decomposition rate
is a = 0.25; H2 ratio in a carrier gas F = 0.01; and total pressure Rp = 1.0 atm were
carried out. Figure 6.13 shows the indium composition as a function of input
indium source gas ratio RIn (= pIn

0 /(pIn
0 + pGa

0 )). The black and red squares show the
results of bulk InxGa1–xN case and InxGa1–xN on InyGa1–yN (y = 0.3) case. Here,
InxGa1–xN (x < y = 0.3) receive planar tensile stress while InxGa1–xN (x > y = 0.3)
receive planar compressive stress. Bond length of InN is longer than that of GaN.
Therefore, In–N is stable (unstable) when the system receives planar tensile
(compressive) stress. This phenomenon causes the composition pulling effect [18].
The composition pulling effect is seen in Fig. 6.13, i.e., indium composition of
InxGa1–xN films (x < y = 0.3) is larger than that in bulk state due to the tensile
stress while indium composition of InxGa1–xN films (x > y = 0.3) is smaller than
that in bulk state due to the compressive stress. Figure 6.14 shows the phase
diagram of InxGa1–xN/InyGa1–yN MOVPE growth under the temperatures of 700,
740, and 780 °C. The blue, green and yellow regions indicate growth, unstable, and
etching conditions, respectively. Here, “unstable” means the possibility of com-
positional fluctuation during growth. The calculation results suggest that the lattice
constraint from bottom layer reduces the preferable growth regions (see Fig. 6.14a,
b). This is because the planar compressive stress is accumulated in InGaN layer on
GaN substrate. When the indium composition in bottom layer y increases, accu-
mulated compressive stress in InGaN epilayer would be partially released. In this
situation, InN becomes stable and preferable growth region would be increase (see
Fig. 6.14b–d). Furthermore, the calculation results predicted that the InN epitaxial
growth is possible under the conditions of y = 0.2 and T = 740 °C. That is, InN/
InyGa1–yN SLs (y = 0.2) can be fabricated under the relatively high growth tem-
peratures, while it is difficult to grow 1InN/nGaN SLs under the temperature range.
These results imply that it is indispensable to consider the effect of lattice constraint
to control the composition of coherently grown InxGa1–xN on InyGa1–yN.
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Fig. 6.13 In composition in InGaN as a function of input indium partial pressure ratio in pIII
0 .

Black and red squares indicate the calculation results of InGaN/InyGa1–yN (y = 0.3) and bulk
InGaN, respectively. The dotted line shows x = 0.3

Fig. 6.14 Phase diagrams of InGaN MOVPE. a bulk InGaN, b InGaN on GaN, c InGaN on
InyGa1–yN (y = 0.2) and InGaN on InyGa1–yN (y = 0.3). Blue, green and yellow regions indicate
growth, unstable and etching conditions, respectively
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Chapter 7
Initial Epitaxial Growth Processes
of III-Nitride Compounds

Toru Akiyama

The epitaxial growth of thin films is controlled by various growth processes that
involve adsorption of atoms and molecules onto a reconstructed surface, their
subsequent diffusion across the surface, dissociation of molecules, and desorption
from the surface. In Chap. 4, we have studied that an ab initio-based approach
incorporating the free energy of gas phase is useful to evaluate the influence of
temperatures and gas-phase pressures on the stability of reconstructed surfaces of
III-nitride compounds. This method is also applicable to investigate the growth
kinetics and processes of epitaxial growth. Indeed, several ab initio calculations
have revealed microscopic behaviors of adatoms such as adsorption, migration, and
desorption on III-nitride surfaces [1–3]. Although these ab initio studies success-
fully elucidate some aspects in the growth processes of group III nitrides, their
results are limited at 0 K without incorporating the growth parameters such as
temperature and pressures. In this chapter, the feasibility of the chemical potential
approach to the epitaxial growth processes, such as molecular beam epitaxy (MBE)
growth and metal-organic vapor-phase epitaxy (MOVPE) growth of III-nitride
compounds, are described. Furthermore, kinetic growth processes on these surfaces
are also investigated using kinetic Monte Carlo (kMC) (See Sect. 2.3) and
electron-counting Monte Carlo (ECMC) simulations [4, 5] on the basis of the
results of adsorption, desorption, and migration energies obtained by ab initio
calculations. The versatility of chemical potential approach is exemplified by the
epitaxial growth of various III-nitride compounds including polar, nonpolar, and
semipolar orientations. Several perspectives for more realistic simulations of crystal
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growth for various materials as functions of growth conditions, such as temperature
and gas-phase pressure, are discussed.

7.1 Adatom Kinetics on AlN Polar Surfaces During
MOVPE

The optimization of AlN growth condition could be achieved with an understanding
of the growth mechanisms. However, the atomic-scale growth processes on AlN
surfaces, such as adatom kinetics during epitaxial growth, still remain unclear.
Theoretical studies on the properties and growth of AlN are sparse and have
focused on the atomic and electronic structure [6–10]. In situ reflectance data of
AlN films grown with MOVPE have reported that the growth rate on AlN(0001)
surfaces significantly depends on the carrier gas species [11]. In addition, it has also
been reported that the growth under N-rich conditions is much faster than that under
H-rich conditions. These experimental finding can be interpreted using the super-
saturation of Al, depending on the partial pressure of H2, [12] but the effects of the
growth processes on AlN(0001) surface during MOVPE growth have not been
examined. Detailed studies for adatom kinetics on AlN surfaces would provide a
deeper understanding of the growth processes. Indeed, calculations for the
adsorption and diffusion behaviors of Al and N atoms on technologically relevant
AlN(0001) surfaces during MOVPE growth have revealed that the surface recon-
struction crucially affects the adatom kinetics [13].

On the basis of the calculated surface structures shown in Figs. 4.23a and 4.24a,
the kinetics of Al and N adatoms on the AlN(0001) surface can be clarified. The
potential energy surface (PES) calculations for an N adatom on the surface with
another N adatom and with H atoms show that the most stable adsorption site for
the additional N atom is located near the pre-adsorbed N atom. However, the
adsorption energies (−2.29 eV) indicate that the N atom desorption occurs even at
0 K. This finding thus suggests that the adsorption of Al adatoms that attach to the
outermost N atom is necessary to form AlN layers on AlN(0001) surfaces. These
results are contradictory to the adatom kinetics on a GaN(0001) surface, in which
N-rich surface morphology can be kinetically stabilized [1]. The PES calculations
for an Al adatom on the surface suggest that the Al atom adsorption behavior
significantly depends on the reconstruction [13]. Figure 7.1 shows the PES of an
additional Al atom on surfaces with an N adatom and H atom, respectively. As
shown in Fig. 7.1a, the most stable adsorption site on the surface under low H2

pressure conditions is located above the N adatom, and a strong Al–N bond with a
bond length of 1.81 Å is formed, which is similar to the bond length in bulk AlN
(1.91 Å). The Al–N bond formation results in an adsorption energy of
Ead = −3.25 eV, which is much lower than the adsorption energy at high H2

pressure conditions. To move adjacent stable adsorption sites, there is a transition
state for diffusion. The Al adatom positions in the transition state are located close
to the topmost Al atom, which does not have an Al–N bond with the N adatom.
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The energy barrier for migration is 0.81 eV. This transition state corresponds to the
dissociation of an Al–N bond between the N adatom and the topmost Al atom.

In contrast, the most stable surface adsorption sites under high H2 pressure
conditions are located between topmost Al–N bonds, as shown in Fig. 7.1b.
An Al–Al bond (bond length 2.66 Å) is formed between the Al adatom and topmost
surface Al atom. The adsorption energy is Ead = −1.89 eV, corresponding to the
energy required to form an Al–Al bond. The energetically lowest transition sites for
diffusion are located close to the hexagonal sites without an N adatom, and the
corresponding energy barrier Ediff is 0.75 eV. The physical origin of the energy
barrier is attributed to the formation of a weak Al–Al bond. This bond is stretched
by 24% from the original Al–Al bond, indicating a significantly reduced bond
strength. Despite the small energy barrier difference, which depends on the growth
conditions, the physical origin of the energy barrier is quite different.

The adsorption behavior of Al adatoms on the reconstructed AlN(0001) surface
under realistic condition can be evaluated by the surface phase diagrams as func-
tions of temperature and pressure. Figure 7.2 shows the calculated surface phase
diagrams of AlN(0001) as functions of temperature and Al pressure. The surface
phase diagrams demonstrate that the surface structure depending on H2 pressure
crucially affects the adsorption behavior of Al adatoms. Owing to the low
adsorption energy (Ead = −3.25 eV), the temperature for the adsorption of Al
adatoms under H-poor condition ranges from 860 to 1220 K depending on Al
pressure, as shown in Fig. 7.2a. In contrast, the temperature for the adsorption
under H-rich condition shown in Fig. 7.2b is ranging from 520 to 740 K. This is
because the adsorption energy Ead = −1.89 eV under H-rich condition is much

Fig. 7.1 Contour plots of the PES for an Al adatom on the reconstructed AlN(0001) surfaces
under a H-poor (Nad in Fig. 4.23a) and b H-rich (Nad – H + Al–H in Fig. 4.23a) conditions.
Large, small, and tiny circles represent Al, N, and H atoms, respectively. Each contour line in
a and b represents an energy step of 0.1 and 0.2 eV, respectively. Dashed rectangles denote the
surface unit cells. Arrows and crosses in the unit cell represent minima and saddle points of the
PES, respectively. Reproduced with permission from Akiyama et al. [13]. Copyright (2012) by
American Institute Physics
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higher than the gas-phase chemical potential of Al atoms in (2.63) around 1370 K.
The surface phase diagram shown in Fig. 7.2b thus suggests that the additional Al
atoms easily desorb from the surface under H-rich condition.

Furthermore, we can deduce the adatom kinetics more quantitatively using the
calculated adsorption energies and diffusion barriers. This can be accomplished by
estimating the diffusion length, Ldiff , expressed as

Ldiff ¼
ffiffiffi

2
p

Ds; ð7:1Þ

where D is the diffusion coefficient and s is the lifetime of the Al adatom between
the adsorption and desorption events. In the cases of AlN(0001) surfaces, the
difference in Ediff ; which is within 0.06 eV depending on the reconstruction, does
not contribute to the difference in diffusion length because D is proportional to
exp �Ediff=kBTð Þ. On the contrary, the desorption probability defined by 1=s is
proportional to exp �Ede=kBTð Þ, where Ede is the desorption energy. The desorption
energy of an Al adatom, depending on the growth conditions, thus affects the
diffusion length. Figure 7.3 shows s and Ldiff of an Al adatom under low and high
H2 pressure conditions (at an Al pressure of 1� 10�3 Torr) using the kMC sim-
ulations described in Sect. 2.3. The estimated s and Ldiff for low H2 pressure
conditions shown in Fig. 7.3a, b are four and two orders of magnitude larger than
for high H2 pressure conditions, respectively. This indicates that the growth under
N-rich conditions is much faster than that under H-rich conditions. Although the
adsorption processes for a monolayer AlN film should be verified to obtain the
growth rate more quantitatively, this conclusion is qualitatively consistent with
recent in situ reflectance data of AlN films grown with MOPVE [11].

Fig. 7.2 Calculated surface phase diagrams for adsorption of Al adatoms as functions of
temperature and Al pressure on the reconstructed AlN(0001) surface under a H-poor (Nad in
Fig. 4.23a) and b H-rich (Nad–H + Al–H in Fig. 4.23a) conditions. In the equilibrium state, the
adsorption of Al adatoms occurs in the regions emphasized by the shaded area. Top views of
surface structures are also shown
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7.2 Adatom Kinetics on Semipolar AlN 11�22ð Þ Surface
During MOVPE

It has been recently reported that the epitaxial growth of AlN strongly depends on
hydrogen ambient in the MOVPE [11, 14]. More importantly, the growth of AlN on
a semipolar AlN 11�22ð Þ surface is sensitive to H2 pressure [14]. The growth rate
decreases with increasing H2 pressure, similarly to the case of AlN(0001) surface
[11]. Despite these experimental studies, there have been few studies on the growth
of AlN on semipolar orientations. Although the optimization of growth conditions
could be achieved by understanding the growth mechanisms, the atom-scale growth
mechanisms on semipolar AlN surfaces remain unclear. Detailed theoretical studies
on the adatom kinetics on AlN 11�22ð Þ surface, which would provide deeper
understanding of the growth processes, are still lacking.

On the basis of the calculated surface structures in Sect. 4.3, the adsorption
behavior of Al atoms on the AlN 11�22ð Þ surface can be clarified. Indeed, the cal-
culations of the PES for Al atoms on the c(2 � 2) surfaces indicate that the
adsorption behavior of the Al atoms significantly depends on the type of recon-
struction [15]. Figure 7.4 illustrates the PES of the additional Al atoms on the c
(2 � 2) surfaces. The most stable adsorption site on the surface under H-rich
conditions (Alad–H + Nad–H + AlH2 shown in Figs. 4.23f and 4.24 f) is located
above the topmost N atom (arrows in Fig. 7.4a). This results in the formation of an
Al–N bond (bond length is 1.86 Å) between the Al atom and the topmost N atom.
The adsorption energy is −2.15 eV, originating from the energy gain to form an
Al–N bond. This value corresponds to the desorption temperatures ranging from

Fig. 7.3 Calculated a lifetime s and b diffusion length Ldiff of Al adatoms at Al pressure of
1:0� 10�3 Torr on the reconstructed AlN(0001) surfaces under H-rich (Nad–H + Al–H in
Fig. 4.23a) and H-poor (Nad in Fig. 4.23a) conditions as a function of reciprocal temperature
obtained by kMC simulations. The growth temperature in 11 (1370 K) is shown by green lines
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700 and 900 K, which are estimated by comparing the calculated adsorption energy
of the Al atom with the gas-phase chemical potential of the Al atom obtained using
(2.63), indicating that most of the additional Al atoms easily desorb from the
surface under H-rich conditions. The energetically lowest transition sites for the
migration of Al atoms are located above the topmost Al atoms (crosses in Fig. 7.4a)
and the energy barrier for migration Ediff is 1.5 eV. The physical origin of the
energy barrier is attributed to the dissociation of the Al–N bond between the Al
atom and the topmost N atoms.

In contrast to the case of Alad–H + Nad–H + AlH2, the most stable adsorption
site on the surface under H-poor conditions (Alad shown in Figs. 4.23f and 4.24f) is
located close to the Al-lattice site above the topmost N atom (arrow in Fig. 7.4b)
and strong Al–N bonds whose lengths (1.97–2.02 Å) are similar to the bond length
in bulk AlN (1.91 Å) are formed. The formation of two Al–N bonds produces the
adsorption energy of −3.91 eV, which is much lower than that under H-rich con-
ditions. This low adsorption energy corresponds to the desorption temperatures
ranging from 1200 and 1500 K depending on Al pressure. It is thus likely that
around 1400 K, most of the additional Al atoms stably adsorb on the surface under
H-poor conditions. The transition states for the migration are located between the
topmost Al atoms (crosses in Fig. 7.4b) and the energy barrier Ediff is 1.6 eV. These
transition states correspond to the dissociation of Al–N bonds and the formation of
weak Al–Al bonds between the Al atom and the topmost Al atoms (bond length
is � 2.8 Å) during the migration. In spite of the small difference between the
energy barrier under H-poor conditions and that under H-rich conditions, the

Fig. 7.4 Contour plots of the PES for an Al adatom on the reconstructed AlN 11�22ð Þ surfaces
under a H-rich (Alad–H + Nad–H + AlH2 shown in Fig. 4.23f) and b H-poor (Alad shown in
Fig. 4.23f) conditions. Large, small, and tiny circles represent Al, N, and H atoms, respectively.
Each contour line represents an energy step of 0.25 eV. Dashed rectangles denote the surface unit
cells. Arrows and crosses in the unit cell represent minima and saddle points of the PES,
respectively. Reproduced with permission from Akiyama et al. [15]. Copyright (2015) by the
Japan Society of Applied Physics

130 T. Akiyama



physical origins of the energy barriers are different from each other. It should be
noted that the adsorption behavior of the Al atoms on the AlN 11�22ð Þ surface under
H-poor conditions is similar to that on the GaN 11�22ð Þ surface [16].

Table 7.1 shows the calculated adsorption energy Eadð Þ and energy barrier for
the migration Ediffð Þ of Al atoms on AlN 11�22ð Þ surface, along with those on AlN
(0001) surface discussed in Sect. 7.1. Trends in Ead and Ediff depending on the type
of reconstruction on the AlN 11�22ð Þ surface are similar to those on the AlN(0001)
surface: The adsorption energy under H-poor conditions is lower than that under
H-rich conditions, and there is a small energy difference in Ediff depending on the
type of surface reconstruction. Owing to the difference in atomic arrangement
depending on the surface orientation, the energy barrier for migration on
AlN 11�22ð Þ surface (Ediff = 1.5–1.6 eV) is higher than that on the AlN(0001) sur-
face (Ediff = 0.75–0.81 eV). It should also be noted that there is a difference in Ediff

depending on the direction of migration. This implies an anisotropy in the migration
behavior on the AlN 11�22ð Þ surface, as seen on other nonpolar and semiopolar
surfaces.

Furthermore, the adsorption behavior of Al adatoms on the reconstructed
AlN 11�22ð Þ surface during the MOVPE can be evaluated by the surface phase
diagrams as functions of temperature and pressure. Figure 7.5 shows the calculated
surface phase diagrams of AlN 11�22ð Þ as functions of temperature and Al pressure.
The surface phase diagrams demonstrate that the surface structure depending on H2

pressure crucially affects the adsorption behavior of Al adatoms. The temperature
for the adsorption under H-rich condition shown in Fig. 7.5a is 600–800 K. This is
because the adsorption energy Ead = −2.15 eV under H-rich condition is much
higher than the gas-phase chemical potential of Al atoms in (2.63) around 1370 K.
The surface phase diagram shown in Fig. 7.5a thus suggests that the additional Al
atoms easily desorb from the surface under H-rich condition. In contrast, owing to
the low adsorption energy (Ead = −3.91 eV), the temperature for the adsorption of
Al adatoms under H-poor condition ranges from 1030 to 1450 K depending on Al
pressure, as shown in Fig. 7.5b. It is thus likely that around 1370 K, most of the
additional Al atoms stably adsorb on the surface under H-poor condition.

Table 7.1 Calculated adsorption energy Ead at the most stable site and energy barrier for
migration Ediff of Al atoms on AlN 11�22ð Þ surface along the 1�100½ � direction under H-rich and
H-poor (Alad–H + Nad–H + AlH2 and Alad shown in Fig. 4.23f, respectively) conditions. Values
in parentheses for the AlN 11�22ð Þ surface are Ediff values obtained along the �1�123½ � direction. The
calculated values on the AlN(0001) surface shown in Fig. 7.1 are also shown

Orientation Reconstruction Ead (eV) Ediff (eV)

AlN 11�22ð Þ Alad–H + Nad–H + AlH2 −2.15 1.5 (1.6)

Alad −3.91 1.6 (1.9)

AlN(0001) Nad–H + Al–H −1.89 0.75

Nad −3.25 0.81
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By using the calculated PES, numerical analysis of adatom kinetics on the
surface using the kMC simulations has been performed [17]. Figure 7.6 shows the
calculated surface lifetime s and the diffusion length Ldiff of Al adatoms on
AlN 11�22ð Þ surfaces as a function of reciprocal temperature. Owing to the
adsorption energy difference between Alad and Alad–H + Nad–H + AlH2, the cal-
culated surface lifetime under H-rich condition shown in Fig. 7.6a is four orders of
magnitude smaller than that under H-poor condition. The calculated diffusion
length under H-poor condition Fig. 7.6b is found to be four orders of magnitude
larger than that under H-rich condition. This is because the adsorption energy under
H-poor condition (−3.91 eV) is much lower than that under H-rich condition
(−2.15 eV). Since the migration probability is proportional to exp �Ediff=kBTð Þ, as
shown in (2.64), the difference in Ediff within 0.1 eV between Alad and
Alad–H + Nad–H + AlH2 hardly contributes to the difference in the migration
behavior of Al adatoms. It is thus implied that the AlN 11�22ð Þ surface under H-poor
condition grows more rapidly than that under H-rich condition because of the higher
sticking probability for Al adsorption under H-poor condition. The insights derived
fromour calculations are qualitatively consistentwith experimental observations [14].

It should be noted that the hydrogen pressure dependence during initial growth
processes on the AlN 11�22ð Þ surface is similar to that on the AlN(0001) surface: The
growth on the AlN(0001) surface under H-poor condition is much faster than that
under H-rich condition [11]. Since the adsorption energy on the AlN 11�22ð Þ surface
under H-poor (H-rich) condition is 0.66 (0.26) eV lower than that on the AlN(0001)
surface, the calculated surface lifetime on the AlN 11�22ð Þ surface becomes large
compared with that on the AlN(0001) surface. On the other hand, the diffusion

Fig. 7.5 Calculated surface phase diagrams for adsorption of Al adatoms as functions of
temperature and Al pressure on the reconstructed AlN 11�22ð Þ surface under a H-rich
(Alad–H + Nad–H + AlH2 shown in 4.23f) and b H-poor (Alad shown in Fig. 4.23f) conditions.
In the equilibrium state, the adsorption of Al adatoms occurs in the regions emphasized by the
shaded area. Top views of surface structures are also shown. The growth temperature in
15 (1370 K) is shown by green lines. Reproduced with permission from Akiyama et al. [17].
Copyright (2016) by the Japan Society of Applied Physics

132 T. Akiyama



length on the AlN 11�22ð Þ surface is smaller than that on the AlN(0001) surface. The
difference in diffusion length between the AlN(0001) and 11�22ð Þ surfaces originates
from the difference in the energy barrier for migration. The energy barrier on the
AlN 11�22ð Þ surface is � 1.6 eV, while that on the AlN(0001) surface is less than
0.81 eV.

7.3 Adatom Kinetics on Semipolar AlN 1�101ð Þ and 1�102ð Þ
Surfaces During MOVPE

It has been recently reported that the growth of AlN on semipolar 1�102ð Þ orien-
tations is sensitive to H2 pressure: High-density pits consisting of AlN 1�101ð Þ
surface are formed under relatively low H2 pressure conditions while smooth
AlN 1�102ð Þ surface is obtained under high H2 pressure conditions at initial growth
processes. Furthermore, high-density pits perfectly disappear if high H2 pressure is
changed to low H2 pressure after the growth of AlN 1�102ð Þ epi-layer whose
thickness is 100 nm [18]. Indeed, the calculations for the growth processes on
AlN 1�102ð Þ and 1�101ð Þ surfaces during MOVPE growth have suggested that the
surface orientation crucially affects the adatom kinetics.

In order to analyze the growth processes on semipolar orientations, the
adsorption behavior of Al adatom on AlN 1�102ð Þ and AlN 1�101ð Þ surfaces has been
investigated [19]. Figure 7.7 shows the PES of Al adatom on AlN 1�102ð Þ and

Fig. 7.6 Calculated a lifetime s and b diffusion length Ldiff of Al adatoms at Al pressure of
1:0� 10�3 Torr on the reconstructed AlN 11�22ð Þ surfaces (solid lines) a H-poor (Alad shown in
4.23f) and b H-rich (Alad–H + Nad–H + AlH2 in Fig. 4.23f) conditions as a function of reciprocal
temperature obtained by kMC simulations. The growth temperature in 15 (1370 K) is shown by
green lines. The calculated results on the reconstructed AlN(0001) surfaces are also shown by
dashed lines. Reproduced with permission from Akiyama et al. [17]. Copyright (2016) by the
Japan Society of Applied Physics
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1�101ð Þ surfaces. The calculated PES demonstrate that adsorption behavior of Al
adatom strongly depends on the surface reconstruction. As shown in Fig. 7.7a, the
most stable adsorption site on AlN 1�102ð Þ surface is located above topmost N atom.
The adsorption energy (�1:89 eV) originates from large number of excess electrons
caused by Al adatom. Similar to AlN 1�102ð Þ surface, the most stable adsorption site
on AlN 1�101ð Þ surface is positioned above topmost N atom and single Al–N bond is
formed. The number of excess electron on AlN 1�101ð Þ surface is smaller than that
on AlN 1�102ð Þ surface. As a result, the adsorption energy (�2:49 eV) on
AlN 1�101ð Þ surface is slightly lower than that on AlN 1�102ð Þ surface.

Another important feature of the PES is the kinetic behaviors of Al adatom on
the surface that are also crucial for the epitaxial growth. The PES demonstrate that
the energy barriers for diffusion of Al adatom strongly depend on surface orien-
tations. The energies of adsorption sites on AlN 1�102ð Þ surface are relatively higher
than those on AlN 1�101ð Þ surface. Furthermore, there are high potential areas along
the 0�100½ � direction on both surface orientations. In particular, the energy barrier for
AlN 1�102ð Þ surface along the �1011½ � direction (0.8 eV) is lower than that for
AlN 1�101ð Þ surface along the �1012½ � direction (1.4 eV). The difference in energy
barriers can be interpreted in terms of the bond formation at the transition state
structures. The lateral position of Al adatom in the transition state on AlN is located
between topmost Al and N atoms (arrow in Fig. 7.7a). This transition state corre-
sponds to the formation of stretched Al–N bond (2.24 Å), as shown in Fig. 7.7a. On
the other hand, the Al adatom in the transition state on AlN 1�101ð Þ surface is located
near topmost H atoms (arrows in Fig. 7.7b). Two weak Al–H bonds are formed in

Fig. 7.7 Contour plots of the PES for an Al adatom for a on AlN 1�102ð Þ and b AlN 1�101ð Þ
surfaces under MOVPE conditions. Top views of the surface unit cell with Al adatom located at
the most stable site are also shown by dashed rectangles. Large and small circles represent Al and
N atoms, respectively. Crosses denote H atoms attaching on the surface. Arrows denote the saddle
points of PES
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the transition state structures on AlN as shown in Fig. 7.7b. The difference of
energy barrier between AlN 1�102ð Þ and 1�101ð Þ surfaces is reflected by the differ-
ence of Al adsorption energy at the local energy minima between AlN 1�102ð Þ and
1�101ð Þ surfaces. It should be noted that there are high adsorption energy areas along
the 0�100½ � direction for AlN 1�101ð Þ surface due to the presence of H atoms. This
high-energy region leads to anisotropy in diffusion behavior of Al adatom on
AlN 1�101ð Þ surface.

On the basis of the calculated PES, numerical analysis of adatom kinetics on the
surface has been performed using the kMC simulations described in Sect. 2.3 [19].
Figure 7.8 shows the calculated diffusion length Ldiff and surface lifetime s of Al
adatom on AlN 1�102ð Þ and AlN 1�101ð Þ surfaces in typical growth temperature
range. The calculated diffusion length Ldiff on AlN 1�102ð Þ surface shown in
Fig. 7.8a is an order of magnitude larger than that on AlN 1�101ð Þ surface. This is
because the energy barrier for diffusion on AlN 1�102ð Þ surface is lower than that on
AlN 1�101ð Þ surface. It is suggested that Al adatoms easily migrate on AlN 1�102ð Þ
surface compared with that on AlN 1�101ð Þ surface. On the other hand, due to the
adsorption energy difference between AlN 1�102ð Þ and 1�101ð Þ surfaces, the calcu-
lated surface lifetime s on AlN 1�102ð Þ surface shown in Fig. 7.8b is two orders of
magnitude smaller than that on AlN 1�101ð Þ surface. This implies that AlN 1�101ð Þ
surface grows more rapidly than AlN 1�102ð Þ surface because of the higher sticking
probability for Al adsorption on the AlN 1�101ð Þ surface. Furthermore, the longer Al
diffusion length on AlN 1�102ð Þ surface than that on AlN 1�101ð Þ surface indicates
that AlN 1�102ð Þ surface is more smooth than AlN 1�101ð Þ surface. The insights
derived from these calculations are qualitatively consistent with experimental
observations [18].

Fig. 7.8 Calculated a diffusion length Ldiff and b lifetime s of Al adatoms at Al pressure of
1:0� 10�3 Torr on the reconstructed AlN 1�102ð Þ and (b) AlN 1�101ð Þ surfaces under MOVPE
conditions as a function of reciprocal temperature obtained by kMC simulations. Solid and dashes
lines represent the results on AlN 1�102ð Þ and 1�101ð Þ surfaces, respectively
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7.4 Adsorption Behavior of Al and N Atoms on Nonpolar
4H–SiC 11�22ð Þ Surface

For III-nitride compounds, heterojunctions between nitrides and SiC substrate have
attracted considerable interest, and abrupt AlN/SiC heterojunctions with a low
density of dislocations have been successfully fabricated owing to the negligible
lattice mismatch between SiC and AlN (less than 1%). Recently, the growth of
4H–AlN on 4H–SiC substrate has been performed [20] and very high-quality
4H–AlN can be realized by precise tuning of V/III ratio and SiC surface treatment
using plasma assisted MBE [21, 22]. This implies that the influence of the V/III
ratio on polytype of AlNð11�20Þ grown on 4H–SiCð11�20Þ substrate. For N-rich
condition 2H–AlN films are grown on the substrate while 4H–AlN films are formed
under Al-rich condition. These experimental findings indicate that the growth
mechanisms of AlN films on the 4H–SiC substrate are influenced on the V/III ratio.
However, the growth processes such as adsorption-desorption behavior of Al and N
atoms and their surface migrations on 4H–SiC 11�20ð Þ surface have been rarely
investigated.

Figure 7.9 shows the calculated contour plots of the PES for Al and N adatoms
on the ideal 4H–SiC 11�20ð Þ surface [23]. Since the ideal 4H–SiC 11�20ð Þ surface
satisfies the electron counting (EC) rule [24] by considering electron transfer from
Si dangling bonds to C dangling bonds, the ideal surface can be considered as a
stable surface structure on nonpolar orientation. Indeed, the electronic states caused
by C dangling bond are fully occupied and those by Si dangling bond are empty. As
shown in Fig. 7.9a, the energetically lowest position for the Al atom is located close
to the lattice site of C atom. On the other hand, the N atom has the lowest energy

Fig. 7.9 Contour plots of the PES for an a Al and b N adatoms on 4H–SiC 11�20ð Þ surfaces. The
origin of energy is set to the total energy of the most stable site. Small grey and while circles
denote Si and C atoms, respectively. Al/N adatom is represented by large circles. Reproduced with
permission from Ito et al. [23]. Copyright (2009) by Elsevier
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when it is located at the interstitial site above the top C atom (Fig. 7.9b). This
implies that stable adsorption sites for Al and N atoms are different. These stable
sites can be explained in terms of the EC rule [24]. For 4H–SiC 11�20ð Þ surface
without adsorbents, all dangling bonds of Si atoms are empty and those of C atoms
are fully occupied by electrons. Owing to the transfer of electrons, the surface
becomes semiconducting and stabilized. When the Al atom adsorbs at the stable
site, it forms two Al–C bonds and an Al–Si bond with its nearest neighbor C and Si
atoms, respectively. Thus, the Al atom forms in total three covalent bonds whereas
only less than two bonds are formed on the other adsorption site. Due to the
formation of three covalent bonds, the number of excess electrons becomes only
one in the unit cell. However, this adsorption site (where two C–N bonds and a
Si–N bond are formed) is not the stable site for the N atom because the N atom can
form two Si–N bonds and a C–N bond at the interstitial site. Since the bond energy
of Si–N is small compared to that of C–N, [25] larger number of Si–N bonds causes
the stabilization of the N atom. Table 7.2 shows the calculated adsorption energy
for the Al and N atoms. The adsorption energy of the Al atoms (�6:71 eV) is found
to be lower than that of the N atoms (�4:06 eV). This implies that the adsorption of
Al atoms is more favorable than that of N atoms.

From Fig. 7.9, we can also deduce the migration behavior of adsorbed Al and N
atoms. For the Al atom, symmetrically equivalent stable sites are placed with 5.3 Å
interval. If we assume that the migration occurs by taking the migration pathways
between nearest-neighbor stable sites, the migration energy barrier corresponds to
the highest total energy position along the ridge between nearest neighbor-stable
sites. Table 7.2 also shows the energy barriers based on this assumption. We obtain
the values of 1.11 and 0.92 eV along the 1�100½ � and [0001] directions, respectively.
It seems that the migration along the [0001] direction (arrow in Fig. 7.9a) is slightly
easier than that along the 1�100½ � direction (dashed arrow in Fig. 7.9a). The low
migration energy barrier along the [0001] direction for the Al atom can be
understood by the shorter distance between stable or metastable positions along the
migration pathways. For instance, the distances along the [0001] direction for the
Al (N) atom are 1.88 (2.63) Å whereas those along the 1�100½ � direction are 5.26
(3.01) Å. For the N atom, the migration barriers are higher than those for Al atoms.
Again, the migration along the [0001] direction of N atoms (arrow in Fig. 7.9b) is
easier than that along the 1�100½ � direction (dashed arrow in Fig. 7.9b). Since the
C–N and Si–N bonds are short (1.45 and 1.83 Å, respectively) compared to Al–C

Table 7.2 Calculated adsorption energy Ead at the most stable site and energy barrier for
migration Ediff along the [0001] and 1�100½ � directions for Al and N atoms on 4H–SiC 11�20ð Þ
surface. The unit of energy is eV

Al N

Ead −6.71 −4.06

Ediff along [0001] 0.92 1.59

Ediff along 1�100½ � 1.11 1.95
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and Al–C bonds (2.07 and 2.45 Å), breaking of the C–N bond occurs at the
transition state for the migration along the 1�100½ � direction. This migration corre-
sponds to a jumping process through the trench located between top surfaces. In
contrast, the migrations along the [0001] direction coincide with the atomic
arrangement of the top surface. Along this direction, breaking and formation of Si–
N and C–N bonds occur simultaneously, resulting in lower migration barrier.

The adsorption-desorption behavior under the MBE conditions is also clarified
using the surface phase diagrams of Al and N atoms on the 4H–SiC 11�20ð Þ surface.
Figures 7.10a, b shows the calculated phase diagram for the adsorption of Al and N
atoms as functions of temperature and Al- and N-beam equivalent pressure (BEP),
respectively. As shown in Fig. 7.10a, the desorption temperature of the Al atom
changes from 1800 to 2370 K depending on Al–BEP. These values are much
higher than the experimental conditions (1223 K). Furthermore, even in the
metastable sites, the desorption temperature for surface phase transition (1750–
2300 K) is much higher than the experimentally reported temperature. From these
findings, we can deduce that the Al atom adsorbs at every adsorption site and
migrate without desorption. On the other hand, the desorption temperature of the N
atom which is located at the most stable site changes from 1100 to 1500 K. By
comparing the calculated temperature range for adsorption with the experiment, the
N atom adsorbs on the stable site when N–BEP is larger than 1� 10�6 Torr.
However, the desorption temperature for the N atom located at metastable sites
becomes lower than that at the most stable site. As a result, the N atom located at
metastable sites desorbs over the wide range of N–BEP. Therefore, the N atom can
adsorb only at the most stable site and is desorbed during its migration toward other
adsorption sites. These results thus indicate that the adsorption-desorption behav-
iors of Al and N atoms are quite different with each other.

Fig. 7.10 Calculated surface phase diagrams for adsorption for a Al and b N adatoms as functions
of temperature and pressure at the most stable site (solid line) and metastable sites (dotted line) on
4H–SiC 11�20ð Þ surfaces along with atomic structures. Dashed line represents the growth
temperature (1225 K) of AlN films on 4H–SiC 11�20ð Þ surfaces in [21, 22]
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Based on the calculated results, we can furthermore conjecture the growth
processes of AlN films with different crystal structures depending on the V/III ratio
[21, 22]. If we assume that the growth under Al-rich condition is dominated by Al
atoms, this growth can be interpreted in terms of the adsorption behavior of Al
atoms. Since the Al atom adsorbs close to the lattice site of 4H–SiC, it is likely that
the growing AlN films inherit the atomic arrangement of the substrate, resulting in
the formation of 4H–AlN. For N-rich condition, in contrast, we can consider that
the growth is dominated by N atoms. Since the N atom cannot adsorb at the lattice
site of the substrate but is incorporated at the interstitial site, the growing AlN films
are likely not to inherit the atomic arrangement of the substrate and then the most
stable crystal structure (2H–AlN) can be formed. Although details of the AlN
growth processes on SiC 11�20ð Þ substrate should be verified more quantitatively,
this is reasonably consistent with the experimental fact that 2H- and 4H–AlN films
are grown under N- and Al-rich conditions, respectively [21, 22].

Figure 7.11 shows the calculated contour plots of the PES for Al and N on the
4H–SiC 11�20ð Þ surface after N and Al pre-depositions, respectively [26]. This figure
shows the distinctive atomic arrangements of the Al and the N atoms simultane-
ously located on the surface. After the N deposition, the Al adatom independently
occupies the lattice sites near the 4H structure (hereafter the 4H-sites) similar to that
for the single Al adatom on the surface shown in Fig. 7.9a. The adsorption energy
of Al adatom after N pre-deposition (�7:08 eV) is similar to that of single Al
adatom. In contrast, the N adatom stably forms the dimer structure with the
pre-deposited Al atom, resulting in lower adsorption energy of �5:94 eV.
Figure 7.12 shows the calculated surface phase diagrams for the adsorption. This
figure suggest that the N adatom stably forms the dimer structure even at T [ 1200
K in contrast to the results for the single N adatom shown in Fig. 7.10b [23]. This is
due to the fact that the Al pre-deposition lowers the adsorption energy for the N

Fig. 7.11 Contour plots of the PES for an a Al and b N adatoms on 4H–SiC 11�20ð Þ surfaces after
N and Al adsorptions, respectively. The origin of energy is set to the total energy of the most stable
site. Small grey and while circles denote Si and C atoms, respectively. Al/N adatom is represented
by large circles
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adatom (�5:94 eV). Furthermore, it is clear that the Al adatom can diffuse across
the surface to favor the 4H-sites even after the N adsorption, since the migration
barriers for the Al adatom are small such as 1.44 and 1.78 eV along the [0001] and
the 1�100½ �, respectively. On the other hand, as shown in Fig. 7.11b, the N adatom
stably form the dimer structure with the predeposited Al different from the 4H
atomic arrangements on the surface. It should be noted that the metastable site for
the N adatom is found at the F site corresponding to the 2H-site denoted by the
open square in Fig. 7.11b. This suggests that Al deposition stabilizes the N adatom
to form the Al–N dimer structure or to occupy the 2H site (F site) on the
4H–SiC 11�20ð Þ surface. According to these results, the stable atomic arrangements
appear to lower the number of electrons in the surface dangling bonds from
DZ ¼ þ 1 for single Al or N adsorption to DZ ¼ 0 satisfying the EC rule [24] for
simultaneous adsorption of Al and N, where DZ is the number of electrons in the
surface dangling bonds.

To investigate the growth process of AlN monolayer on the 4H–SiC 11�20ð Þ
surface, the ECMC method [4, 5] has been applied [26]. This method enables us to
evaluate the resultant atomic arrangements of AlN monolayer on the 4H–SiC 11�20ð Þ
substrate. The following assumptions in the ECMC simulations are considered.
(1) The adsorption of the atoms occurs at specific surface sites. (2) Depending on
the III/V ratio, Al and N adatoms are impinged on the surface to migrate their stable
lattice sites. To keep the same number of Al and N atoms in the monolayer, the
excess Al or N adsorption is prohibited when the number of Al or N adatoms
exceeds half the number of adatoms limited on the surface. (3) During successive
adsorption, an exchange process occurs between adatoms and vacant sites on the
same plane. (4) Dimerization and nearest-neighbor exchange between adatoms are
also included at each MC step in the equilibration procedure. (5) The system energy
E (in eV/atom) is given by

Fig. 7.12 Calculated surface phase diagrams for adsorption for a Al and b N adatoms as functions
of temperature and pressure on 4H–SiC 11�20ð Þ surfaces after N and Al adsorptions, respectively.
The atomic structures are also shown. Dashed line represents the growth temperature (1225 K) of
AlN films on 4H–SiC 11�20ð Þ surfaces in [21, 22]
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E ¼ Ebond þ 0:2DZ; ð7:2Þ

where Ebond is simply described as summation of interatomic bond energy
parameterized by ab initio calculations, and the second term corresponds to the
contribution of electrons in the surface dangling bonds [4, 5]. Atomic arrangements
are generated according to the following rules: (i) Select atoms at random; (ii) select
events as described in assumptions (3) and (4) at random; (iii) calculate the change
in system energy DE after exchanging the chosen atoms; (iv) if DE is negative,
accept the new configuration; (v) otherwise, select a random number R uniformly
distributed over the interval (0,1); (vi) if exp DE=kBTð Þ\R, accept the old con-
figuration; (vii) otherwise, use the new configuration and the new system energy as
the current properties of the system. This procedure is repeated for suitable number
of configurations (MC steps) in order to approach equilibrium configurations at
T ¼ 1225 K. The appearance ratio of the structure in the AlN monolayer is
obtained by 1000 samples at each III/V ratio in the range from 0.01 to 100.

Figure 7.13a displays the estimated appearance ratio of the Al–N dimer structure
and the 4H–AlN obtained by the ECMC simulations as a function of the III/V ratio
[26]. This implies that the larger the III/V ratio, more favorable the 4H–AlN. Most
of the resultant atomic arrangements exhibit the 4H–AlN on the 4H–SiC 11�20ð Þ at
the III/V ratio greater than 10. On the other hand, the Al–N dimer structure mainly
appears at the III/V ratio less than 0.1, where the Al–N dimer structure different
from the 4H–AlN appears in 51.3% of the simulated atomic arrangements at the
III/V ratio of 0.01. This is because many N adatoms tend to form the stable Al–N
dimer structures after Al adsorption as shown in Fig. 7.11b. The 4H–AlN still
remains and the 2H–AlN appears at most in 6.5% as shown in Fig. 7.13b even
under N-rich conditions, since the Al adatoms generally favor the 4H-sites and the
N adatom occupying the F site for the 2H–AlN formations is energetically less

Fig. 7.13 Appearance ratio of a the 4H–AlN (open square) and the Al–N dimer structures (open
triangle), and b the 2H–AlN (open circle) obtained by the ECMC simulations at 1225 K as a
function of the III/V ratio
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favorable by 0.18 eV than that occupying the G site for the 4H–AlN formations.
Considering that the Al–N dimer structures are likely not to inherit the atomic
arrangement of the 4H–SiC substrate, 55% of the AlN monolayer grown on the
4H–SiC 11�20ð Þ may form the most stable 2H–AlN thin films at the III/V ratio of
0.01. Therefore, these results shown in Fig. 7.13 are qualitatively consistent with
experimental results where the 4H–AlN and the 2H–AlN are grown under Al-rich
and N-rich conditions, respectively [21].

The prototypical growth processes of the 4H–AlN at the III/V ratio of 100 and
the 2H–AlN at the III/V ratio of 0.01 are shown in Fig. 7.14 [26]. The 4H–AlN
formation proceeds according to Fig. 7.14a–d as follows. Under Al-rich condition,
Al adatoms occupy the 4H-sites and the H sites having single bond with surface C
atom as shown in Fig. 7.14a. This is because the Al adatom with smaller number of
valence electrons favors the interatomic bonds with C surface atoms having two
electrons in their dangling bonds by occupying the 4H-sites. Subsequent N
adsorption forms Al–N pair with the 4H arrangements in Fig. 7.14b, c, since Al
adatoms can easily migrate independently from N adsorption to occupy the 4H-sites
as shown in Fig. 7.11a. Therefore, Al adatoms at the D site in Fig. 7.14b migrate
only to the stable 4H-site (E site) in Fig. 7.14c. Consequently, the 4H–AlN appears
under Al-rich condition. Under N-rich condition, however, N adatoms occupy the
interstitial site located above top C atom, since the N adatom with larger number of
valence electrons can form extra interatomic bonds with surface Si atoms without
electrons in their dangling bonds. The N adatom located at the D site having two
interatomic bonds with surface Si atoms can intermittently migrate to the 2H-site (F
site) in Fig. 7.14g after Al adsorption. Thus some of N adatoms are rearranged to
form Al–N pair with the 2H-arrangements in Fig. 7.14h. Although details of the
AlN growth processes on the 4H–SiC 11�20ð Þ substrate should be verified more
quantitatively incorporating multi-layer growth in the ECMC simulations with
larger unit cell, this is qualitatively consistent with the experimental fact that the

Fig. 7.14 Simulated results of growth processes of the 4H–AlN under Al-rich conditions in
a–d and the 2H–AlN under N-rich conditions in e–h, where Al and N adatoms fully occupy the
surface sites in advance as shown in a and e, respectively. Large black and white circles denote N
and Al atoms, respectively
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2H- and 4H–AlN films are grown under N- and Al-rich conditions, respectively
[21, 22].
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Chapter 8
Polarity Inversion and Electron Carrier
Generation in III-Nitride Compounds

Takashi Nakayama

In this chapter, we consider two topics based on theoretical calculations; the surface
polarity inversion during the film growth and the electron-carrier generation by
structural defects in III-nitride compounds. Some of unique features of III-nitride
compounds originate from their wurtzite crystal structure. Because of the lack of
inversion symmetry along the c direction, III-nitride compounds become polar sys-
tems and have two kinds of surfaces; the (0001) III-group metal-polarity surface and
the ð000�1ÞN-polarity surface. By controlling the growth condition, the surface can be
converted from one polarity surface to the other polarity. In Sect. 8.1, we adopt AlN as
an example and consider themicroscopicmechanism of the surface-polarity inversion
during the AlN growth. Another fascinating feature of III-nitride semiconductor
family is awide range of their band-gap energies, 0.6–6.3 eV.Among III-nitrides, InN
has the largest band width of the conduction band and thus the smallest band gap
reflecting the large orbital radius of In atoms. Even when we produce InN films with
special cares, there frequently appear unintentional electron carriers in InN films and
around their interfaces/surfaces. In Sect. 8.2, we consider edge dislocations in InN
films and show that such dislocations are one of origins for electron carrier generation.
In Sect. 8.3, on the other hand, we consider Schottky barrier at metal/InN interfaces
and show that electron carriers are also produced at these interfaces. Finally, we
explain that the electron-carrier generation is closely related to the anomalous position
of the charge neutrality level of InN.
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8.1 Surface Polarity Inversion

III-nitride compounds, AlN, GaN, and InN, have a wurtzite structure, different from
most of semiconductors having a zincblende structure. This difference in crystal
structure promotes unique physical properties in III-nitride systems [1]. With
respect to the crystal growth, because of the lack of inversion symmetry along the
c-axis direction, III-nitride compounds having wurtzite structure have two types of
growing surfaces; the (0001) III-group metal-polarity surface and the ð000�1Þ
N-polarity surface. The metal-polarity surface is terminated by three-coordinated
III-family metal atoms with one dangling bond directed to the +c direction, while
the N-polarity surface is terminated by three-coordinated N atoms with one dan-
gling bond directed along +c. These surfaces exhibit different surface morphology,
growth kinetics, and optical/conductive and chemical properties [2]. In the case of
GaN, for example, the Ga-polarity surface is usually very smooth, thus being
preferred to produce films with high uniformity and crystallinity. On the other hand,
the N-polarity surface often shows rough and hexagonal pyramid morphologies but
have high chemical reactivities; the former feature is useful to fabricate nanowires
and nanodots, [3, 4] while the latter feature enables the higher impurity-atom
incorporation such as In atoms to produce InGaN [5, 6]. Recent advances of
polarity control technologies succeeded in the artificial production of periodic
polarization domains useful for nonlinear optics [7]. In this way, the control of
surface polarity is essential to produce high-quality films and desirable device
structures.

One of interesting phenomena with respect to the polar surfaces is the surface
polarity inversion during the film growth. In the metal organic vapor phase epitaxy
(MOVPE) process, Lim et al. observed that the GaN films exhibited the N-polarity
surfaces when GaN were grown on the N-polarity AlN substrate, which was
obtained by H2-cleaning and nitriding the sapphire substrate [8]. On the other hand,
they found that, when a few monolayer Al atoms were intentionally supplied on
such N-polarity AlN substrate, the surface of GaN films was converted from the N
polarity into the Ga polarity. Figure 8.1a shows the observed spectra by a coaxial
impact collision ion scattering spectroscopy (CAICISS), [2] where we can see that
the grown surface changes from the N polarity (c-) to the Ga polarity (c+) as
increasing the supplying time of Al atoms on the substrate. The similar inversion
was also observed in the GaN growth on (Al, Ga, In)-pretreated GaN [9].

In the case of III-nitride semiconductor growth on metal-supplied N-polarity
substrates, considering the pretreatment stacking time of metal atoms, Lim et al.
proposed that the polarity inversion occurs by the appearance of interface
metal-atom layers with two-monolayer thickness as shown in Fig. 8.1b [8]. The
validity of this two-monolayer model was also confirmed by optical experiments
[9]. In this section, we selected AlN surfaces and pretreated Al metal overlayers,
and clarified the mechanism of the surface-polarity inversion, by using the
first-principles theoretical calculations [10].
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8.1.1 Modeling of Inversion

The stable reconstructed surface structure is known to be the (2 � 2) for AlN [11].
However, since no superstructures were observed for the surfaces during the AlN
growth, we assume to adopt the (1 � 1) surface unit shown in Fig. 8.2a for sim-
plicity, and employ the standard repeated-slab geometry to simulate the surfaces
during the AlN growth. In this modeling, all the atoms in the substrate and adsorbed
layers are located at T1, T4, or H3 site in this figure owing to the symmetry.
Two-bilayer (0001) AlN slab was used as the N-polarity AlN substrate, where the
back Al-polarity surfaces are terminated with virtual hydrogens to eliminate the
influence from the back surface [12].

We first stack (Al)m overlayers on this N-polarity substrate as shown in
Fig. 8.2b, and calculate the formation energies of the (Al)m/(AlN-substrate) systems
to examine which structure is more stable in (Al)m overlayers. This is because Al
metal layers are usually much softer than the AlN substrate and Al atoms easily
diffuse on the surface, thus the most stable structure is obtained by the step-by-step
stacking of Al atoms. Then, we stack (AlN)1 and (AlN)2 layers of the wurtzite

Fig. 8.1 a Co-axial impact collision ion scattering spectroscopy (CAICISS) spectra of GaN film
surface after different presupply times of Al atoms as a function of the incident angle of the He+

ion beam. We can clearly observe that, with increasing presupply time, the surface changes from
the N polarity (-c) to the Ga polarity (+c). b Al-two-monolayer model to realize the surface polarity
inversion. Reproduced with permission from Lim et al. [8]. Copyright (2002) by American
Institute Physics
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structure on these (Al)m overlayers, and calculate the formation energies of the
(AlN)n/(Al)m/(AlN-substrate) systems to examine which polarity surface is more
stable in the top (AlN)n layers.

In order to determine the stable atom positions and to calculate the formation
energies of the (Al)m/(AlN-substrate) and (AlN)n/(Al)m/(AlN-substrate) systems,
the total-energy pseudopotential method is employed in the local density approx-
imation using the TAPP code, [13] where all atom positions are optimized. This
method is a standard one explained in other chapters and the details are also
described elsewhere [10, 14].

8.1.2 Stability of Al Overlayers

First, we consider the stacking of (Al)m overlayers on the N-polarity AlN substrate.
Figure 8.3a shows the formation energies of (Al)m/(AlN-substrate) systems, for
various adsorption positions of Al atoms and Al-overlayer thicknesses, m. It is seen
that when one- and two-monolayer amount of Al atoms are supplied on the AlN
substrate adsorbed Al atoms prefer to be located first at T1 site and then at T4 or H3
site, as shown by a solid-line sequence. These sites correspond to atom positions of
the wurtzite or zincblende structure having the four-folded coordination for Al
atoms. This result indicates that the atom position of (Al)m overlayers copies the
AlN-substrate wurtzite structure such that the (Al)2 unit imitates the ionic unit of
AlN.

Fig. 8.2 a Top views of the AlN(0001) surface and the (1� 1) surface unit. T1, T4, and H3 are
adsorption sites of atoms. b Schematic side-view picture describing the stackings of (Al)m
overlayers and (AlN)n layers on the N-polarity AlN substrate. With changing m and n, we consider
which stacking is more stable. Reproduced with permission from Nakayama and Mikami [10].
Copyright (2005) by John Wiley and Sons
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On the other hand, when three-monolayer amount of Al atoms are supplied, the
Al atom at the top surface prefers to be located at H3 or T1 site, which corresponds
to the atom position of Al fcc-bulk system. This stacking occurs because the
top-surface Al atom is bound to underlying Al atoms with the metallic bondings,
thus being released from the crystal-structure heredity of AlN substrate. In this way,
(Al)m overlayers follow the substrate wurtzite structure till two-monolayer thick-
ness, m� 2, while they produce the fcc-bulk structure in thicker cases of m� 3.
This kind of change of layer feature was also examined for GaN surface, where the
Ga overlayers show liquid-like softening along the surface when their thickness is
larger than two [15].

Next, we consider whether the Al overlayer with two-monolayer thickness is
easy to be realized in experiments or not. Figure 8.3b shows the calculated free
energies of (Al)m overlayers on N-polarity AlN substrate as a function of a chemical
potential of supplied Al atoms. The basic idea of this analysis is described in
literatures [14, 16]. It is seen that as the chemical potential increases corresponding
to the Al-richer condition, the surface changes from the clean AlN surface to the
surfaces with adsorbed Al atoms of one, two, and then four monolayers (not three),
and that the Al overlayer with two-monolayer thickness definitely has a finite stable
region with respect to the Al-atom supply. However, the calculated chemical
potential of fcc-bulk Al is −57.2 eV, which roughly corresponds to the accumu-
lation onset of bulk Al phase on the surface and is located at the left edge of the
stable region of Al overlayers with two-monolayer thickness. These results indicate
that the surface with two-monolayer Al atoms is unstable and is difficult to be
realized in thermodynamic equilibrium. In other words, as pointed out in [8],

Fig. 8.3 a Calculated formation energies of (Al)m overlayers on the N-polarity AlN substrate as a
function of m. The symbols denote the adsorption sites of Al atoms. Second and third layer Al
atoms are stacked on the most stable (Al)m-1 layers, thus the T1-T4-H3 stacking is the most stable.
b Calculated free energies of the most stable m-monolayer (Al)m on the N-polarity AlN substrate,
which is denoted as mML, as a function of a chemical potential of supplied Al atoms. Reproduced
with permission from Nakayama and Mikami [10]. Copyright (2005) by John Wiley and Sons
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one has to use the growth process far from thermodynamic equilibrium to realize
the surface with two-monolayer Al atoms.

8.1.3 Stability of Polarity-Converted AlN Layers

Then we consider the stacking of (AlN)n layers on the (Al)m overlayers that are
stacked on the N-polarity AlN substrate. The formation energies of (AlN)n/(Al)m/
(AlN-substrate) systems are shown in Fig. 8.4a, as a function of (Al)m-overlayer
thickness, m. It is seen that the stacked (AlN)n layers have the stable converted
Al-polarity surface for m = 2, while the N-polarity surfaces are still stable for
m ¼ 1 and 3. To understand the reason of this variation, we consider the stacking of
(AlN)2 layers on the hypothetical (Al)m substrate having either fcc-bulk or wurtzite
structure with the same lattice constant as AlN along the interface. Figure 8.4b
shows the calculated formation energies of these (AlN)2/(Al)m systems, as a
function of the substrate thickness, m. In the case of fcc-bulk (Al)m substrate, the
N-polarity surface is always stable independent of the substrate thickness, m. On
the other hand, in the case of wurtzite (Al)m substrate, the N-polarity surface is
stable for the odd number of m, while the Al-polarity surface is stable for
m ¼ even-number.

The difference of stacking-energy variation seen in Fig. 8.4b is explained by
considering the stability of (AlN)2/(Al)m interfaces and the transcription effect of the
underlying (Al)m-substrate structure. First of all, since the binding energy is larger
for Al–N bonds than for Al–Al ones, in all the cases, the (AlN)n layers are first
adsorbed on the underlying (Al)m substrates such that the N atom in (AlN)2 con-
nects to the substrate-top Al atom in (Al)m to stabilize the (AlN)2/(Al)m interface.

Fig. 8.4 Calculated formation energies of a (AlN)n/(Al)m/(AlN-substrate) and b (AlN)2/(Al)m
systems as a function of m. Al-pol and N-pol indicate the surface polarities of stacked (AlN)n
layers. Solid and dashed lines in b correspond to the fcc-bulk and wurtzite (Al)m substrates,
respectively. Reproduced with permission from Nakayama Mikami [10]. Copyright (2005) by
John Wiley and Sons
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In the case of fcc-bulk (Al)m substrate, reflecting the fcc-bulk structure, such N atom
in (AlN)2 is located at the oblique position compared to that of substrate-top Al
atom, as shown in Fig. 8.5a, b. Since the interface geometry is the same for both
m ¼ odd-number and m ¼ even-number cases, the staked (AlN)2 layers always
have the N-polarity surface not depending on the thickness of underlying (Al)m
substrate. On the other hand, in the case of wurtzite (Al)m substrate, the N atom in
(AlN)2 is located just above the substrate-top Al atom as seen in Fig. 8.5c for the
even number of m, while such N atom takes an oblique position as in Fig. 8.5d for
the odd number of m. Thus, the stacked (AlN)2 layers have the Al- and N-polarity
surfaces for m ¼ even-number and m ¼ odd-number, respectively. From these
considerations, we can say that the difference of (AlN)n-stacking variation between
fcc-bulk and wurtzite (Al)m substrates originates from the difference of
crystal-structure periodicity along the (0001) direction between two kinds of sub-
strates; the fcc-bulk structure has a monolayer period, while the period of wurtzite
structure is two monolayers.

From these results, one can conclude that, only when the Al overlayer has
two-monolayer thickness and such Al overlayers forms the wurtzite structure, the
surface-polarity inversion occurs during the following AlN growth. This conclusion
supports the appropriateness of the Al-two-monolayer model proposed in [8] to
realize the surface-polarity inversion. However, Al overlayers with more than two
monolayers cause no surface-polarity inversion because they form the fcc bulk
structure. Recently, Harumoto et al. deposited AlN on Pt and Al (111) fcc metal
substrates and found that grown AlN layers respectively show the N- and
Al-polarity surfaces [17]. One of reasons for the discrepancy between this experi-
ment and present theoretical results in Fig. 8.5a, b might be related to the strain
effect of the substrate on the film growth. In the present calculation, the hypothetical
fcc-bulk and wurtzite (Al)m substrates are coherently strained so as to match the
lattice constant to underlying AlN substrate. In fact, it is well known that the strain

Fig. 8.5 Calculated stable stacking geometries of (AlN)2 layers on (Al)m substrates. a and b:
fcc-bulk (Al)m substrate with m = 2 and 3, c and d: wurtzite (Al)m substrate with m = 2 and 3,
respectively. Open and crossed circles denote Al and N atoms, respectively. Reproduced with
permission from Nakayama Mikami [10]. Copyright (2005) by John Wiley and Sons
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affects the growth processes and changes grown films such as having different
stoichiometry [18].

It should be noted here that, in the case of Al overlayer with two-monolayer
thickness, the Al atom in the upper layer can be located either at T4 or H3 site, as
shown in Fig. 8.3a, which sites respectively corresponds to the wurtzite or zinc-
blende structure. It is quite natural for Al overlayers to have either wurtzite or
zincblende structure because the formation energy difference between both struc-
tures is generally small in cases of semiconductors with small iconicity [1]. This
result indicates that, when the surface-polarity inversion is realized, the stacking
fault is expected to appear between the upper and lower different polarity AlN
layers with a possibility around 50%.

8.1.4 Concluding Remarks

In this section, we concentrate on the polarity inversion in the case of III-nitride
compounds. However, the similar inversion was also observed in other semicon-
ductors such as ZnO on GaN [19] and AlN on oxidized AlN [20]. In these systems,
the oxide layers like Ga2O3 and Al2O3 with inversion symmetry are expected to
work for the polarity inversion. These interface layers are stable because they are
semiconductors, which is different from the present metallic Al overlayers.

Then, we discuss electronic structures of AlN/(Al)2/AlN sandwich systems. Al
atoms at Al/AlN interfaces have the sp3 electron configuration. Thus the interface
Al atoms in (Al)2 overlayers produce covalent bonds with N atoms in lower and
upper AlN layers and show semiconducting properties perpendicular to the inter-
face, while such interface Al atoms in (Al)2 overlayers produce metallic bonds with
other Al atoms in the same overlayers along the interface and thus are expected to
show properties of two-dimensional metals. On the other hand, since the wurtzite
AlN layers are symmetrically arranged on both sides of two-monolayer (Al)2
overlayers, there is little band offset between lower and upper AlN layers. However,
since the Fermi’s energy is located within the band gap of AlN, the (Al)2 overlayers
work as potential wells for both electrons and holes in AlN.

Finally, we shortly comment on the realization of other interesting converted
interfaces. As explained in the above, the polarity inversion of grown films occurs
depending on the thickness and strain of intermediate layers. By controlling these
factors during the film growth, we can expect the conversion of wurtzite substrate
into zincblende films, which is also realized using the boundary effects in the case
of III-nitride nanowires. At wurtzite/zinc blende interfaces, we can produce the
definite band offset by using the surface polarization existing only in wurtzite layers
and by using the difference in bond network topology between wurtzite and zinc
blende layers [1]. Such interfaces are expected useful for designing hetero devices
realizing strong carrier confinement with little structural defects.
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8.2 Electron Carrier Generation by Dislocation

III-nitride compounds and their alloys are promising constituent materials for
optoelectronic devices because their band gaps cover a wide range of wavelength
from the ultraviolet (� 200 nm) to infrared (� 2 mm) regions. Among these
materials, due to the small band gap of about 0.6 eV, InN plays an important role in
the infrared regions [21, 22]. InN is often grown by molecular beam epitaxy
(MBE) and MOVPE. Owing to the developments of crystal growth techniques, the
crystal quality of grown InN films has made remarkable progress such as having
large-area atomic-order smooth and flat surfaces. However, it has long been
observed that there always appear unintentional electron carriers even when one
produces InN films with special cares. These carriers seem to occupy about 0.1–
0.9 eV of the conduction-band bottom, [22, 23] thus preventing the realization of
p-type InN.

Unintentional carriers are considered to be created by point defects such as atom
vacancies because the lattice mismatch around 10% always exists between the
substrate and the grown InN layers in the present stage of crystal growth. Wang
et al. found by performing the Hall measurement together with counting the number
of dislocations in samples that the edge-type threading dislocations also produce a
number of electron carriers, with the density over 1017 cm−3 [24]. Figure 8.6 shows
the electron concentration and Hall mobility of a number of InN films as a function
of full width at half maximum (FWHM) values of x-ray rocking curves. Here, the
FWHM represents the density of dislocations. It is clearly seen that, with increasing
the dislocation density, the electron concentration increases and the Hall mobility
decreases due to the scattering by such dislocations.

Fig. 8.6 Electron concentration and Hall mobility of a number of InN films as a function of full
width at half maximum (FWHM) values of x-ray rocking curves. Dashed line denotes the
estimated density of dangling bonds originated from edge-component threading dislocations. It is
clearly seen that, with increasing FWHM, i.e., the density of dislocations, electron concentration
increases and Hall mobility decreases. Reproduced with permission from Wang et al. [24].
Copyright (2007) by American Institute Physics
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Since dislocations often work as deep-level electron/hole traps and never pro-
duce movable carriers in conduction and valence bands of most semiconductors,
[25] it is interesting to study whether dislocations can become donors in the case of
InN films as suggested by experiments. In this section, we study electronic struc-
tures of InN edge dislocations and consider the origin of carrier generation by
dislocations, based on the results using the first-principles theoretical calculations,
comparing with the cases of other point defects like vacancy and other semicon-
ductors like GaN [26].

8.2.1 Modeling of Dislocation

The atomic structures of edge dislocations in III-nitride compounds were studied by
Béré and A. Serra, and Lei et al., using the empirical atomistic elastic calculations
[27, 28]. Figure 8.7a–c schematically show core structures of such dislocations.
Since these have 5 + 7-, 8-, and 4-folded atomic rings perpendicular to the c-axis,
respectively, contrary to the six-folded ring networks seen in bulk InN, we hereafter
call these the 5/7 core, 8 core, and 4 core dislocations.

These dislocations have the same periodicity along the c-axis, i.e., the disloca-
tion direction, as that of the hexagonal bulk system. However, they have no special
periodicity perpendicular to the c-axis, thus it is difficult to adopt the conventional

Fig. 8.7 Schematic pictures of dislocations in InN, viewed from the c- direction. a 5/7 core, b 8
core, and c 4 core dislocations. d Repeated unit cell used in the first-principles calculation, for the
case of 5/7 core dislocation. Reproduced with permission from Takei and Nakayama [26].
Copyright (2009) by Elsevier
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electronic-structure calculations using the periodic unit cells. There are two typical
methods to treat the dislocation; one is to use the cluster geometry, [25] where the
dislocation core is embedded in a bulk pillar and the pillar surface is terminated by
virtual hydrogen atoms. The other method is to employ the repeated unit-cell
systems that have a pair of dislocations with opposite directions in one-unit cell as
shown in Fig. 8.7d, which is the case of 5/7 core dislocation [26]. With increasing
the system size, both methods give the similar results. Hereafter, we show the
results using the latter method.

Atomic and electronic structures of dislocations in InN are calculated by the
standard first-principles total-energy method in the generalized gradient approxi-
mation (GGA), using Vanderbilt-type ultrasoft pseudopotentials for both In (5s, 5p,
5d) and N (2s, 2p) atoms, [29] the PBE form exchange-correlation potential, [30] 25
ryd cutoff energy for plane-wave expansion of wavefunctions, and the TAPP code
[13]. All atomic positions and unit-cell size are optimized.

Here, we shortly comment on the relative stability of dislocations. The calculated
formation energies are 1.92, 2.30, and 2.23 eV/Å for 5/7 core, 8 core, and 4 core
dislocations, respectively, when the present repeated unit-cell model is used. Of
course, this calculation does not consider the elastic energy loss apart from the core
region. However, because the difference of such energy is normally small between
dislocations compared to the energy around the core, [28] we can expect that the 5/7
core dislocation has the lowest formation energy. In real films, however, since the
formation energy strongly depends on the strain environment and growth process
and it is difficult to decide which dislocation structure is more stable, we hereafter
consider all electronic structures of the above-mentioned three dislocations.

8.2.2 Electronic Structures and Carrier Generation

We first show the calculated band structure of bulk InN in Fig. 8.8a, which are
obtained using the same large unit cell as the cases of dislocation to make a
comparison easier. The bands, c1 and v1 in this figure, are the lowest conduction
and highest valence bands of bulk InN, respectively. The band-gap energy here is
0.25 eV, which is smaller than the experimental results of about 0.6 eV [31]. This
occurs because the band gap is often underestimated by the calculations based on
the density-functional theory (DFT) [32]. It should be noted here that the con-
duction band has a markedly large band width reflecting the large atomic radius of
In atom. This feature is the most important key to understand various electronic
properties of InN, as shown in the followings.

Then, we consider the 5/7 core dislocation, whose calculated band structure is
shown in Fig. 8.8b. The c1 and v1 bands touch with each other around the C point,
which indicates some shrinkage of the band-gap energy around the dislocation.
Most remarkable feature in this figure is the position of the Fermi energy, EF at
0 eV; EF is located about 0.6 eV above the bottom of the lowest conduction band
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(c1) of bulk InN. This result indicates that the electron carriers are generated in the
conduction band, in agreement with the experiment [24, 33].

In order to understand the origins of such electron carriers, we analyze all band
states around the band gap. Figure 8.9a–d show the charge–density plots of elec-
tronic states at C, which are respectively denoted by c1, N1, N2, and In1 in
Fig. 8.8b. It is seen that the c1 state is a conduction-band state of bulk InN, thus
being an anti-bonding state of In-s and N-s orbitals and extended over the system.
The N1 and N2 states are, respectively, bonding and anti-bonding states of dangling
bonds of N atoms that are located in the center of dislocation. On the other hand, the
In1 state is the bonding state of dangling bonds of In atoms in the core region. Since
these states are strongly localized around the dislocation core, their bands show flat
dispersions.

From these analyses, we obtain the overall feature of electronic structure of InN
dislocation, which is schematically displayed in Fig. 8.10a. In the dislocation core,
there exist three-folded In and N atoms. Since these In and N atoms have dangling
bonds and are nearest to the same kinds of atoms, they produce N–N and In–In
dimer bonds to stabilize the dislocation [25]. As seen in Fig. 8.8b, the bonding state

Fig. 8.8 Calculated band structures of a bulk InN and dislocations in InN with b 5/7 core, c 8
core, and d 4 core. The same unit cell is used to make the comparison easy. c1 and v1 are the
lowest conduction band and the highest valence band of bulk InN, respectively. N1 and N2 are
bonding and anti-bonding states of N dimer bonds, while In1 denotes the bonding state of In dimer
bonds. EF at 0 eV denotes the Fermi-energy position. Reproduced with permission from Takei and
Nakayama [26]. Copyright (2009) by Elsevier
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of N–N dimer, N1, is located about 0.3 eV below the valence-band top, while the
anti-bonding one, N2, appears about 0.5 eV above the conduction-band bottom. On
the other hand, the bonding state of In–In dangling-bond dimer, In1, is located
much higher, at least 1 eV, above the conduction-band bottom. Since the dangling
bonds of N and In atoms have 1.25 and 0.75 electrons, the N2 and In1 bands are
originally occupied by 0.5 and 1.5 electrons, respectively. Reflecting the relative
energy positions of these bands, the In1 band becomes donor band and supplies the
electron carriers to the conduction band of bulk InN and the N2 N–N anti-bonding
band as shown by the down arrow. It should be noted here that the latter band is still
occupied partially after such electron supply, which is contrary to the case of GaN
shown below. As a result, the Fermi energy tends to be pinned at the energy
position around the N2 band.

Then, we consider other types of dislocations. Figure 8.8c, d show the calculated
band structures of 8 core and 4 core dislocations, respectively. Since the core of
8-ring dislocation also includes In and N dangling bonds, similar to the case of 5/7
core dislocation, the In dangling bonds supply the electron carriers to the con-
duction band similar to that shown in Fig. 8.10a and the Fermi energy is located
about 0.2 eV above the conduction-band bottom. On the other hand, there are no In
and N dangling bonds in the core of 4 core dislocation. However, due to the

Fig. 8.9 Charge densities of electronic states at C of a c1, b N1, c N2, and d In1 bands shown in
Fig. 8.8(b). Small and large balls indicate N and In atoms, respectively, while charge densities are
described as green clouds. Reproduced with permission from Takei and Nakayama [26]. Copyright
(2009) by Elsevier
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compressed atom configuration in the core region, the valence-band states of N
atoms localized around the core increase the energy to about 0.25 eV above the
conduction-band bottom as seen in Fig. 8.8d and become the source of electron
supply to the conduction band such as semi-metal materials. In this way, though the
origin of electron-carrier generation is different between 8 core and 4 core dislo-
cations, all these dislocations also become the source of electron generation.

8.2.3 Comparison with Other Defects

It is interesting to consider whether the same scenario of carrier generation applies
to other defects in InN and dislocations in other semiconductors. We first consider

Fig. 8.10 Schematic pictures to explain electronic structures of 5/7 core dislocations in a InN and
b GaN films. The vertical blue down-arrows indicate the electron transfer from the
In-dangling-bond states to the conduction band and the N-dangling-bond states. Dark grey
regions are occupied by electrons, while light grey regions are unoccupied. EG between square
boxes corresponds to the fundamental band gap. Reproduced with permission from Takei and
Nakayama [26]. Copyright (2009) by Elsevier

Fig. 8.11 Calculated band structures of a N vacancy in InN and b 5/7 core dislocation in GaN.
Reproduced with permission from Takei and Nakayama [26]. Copyright (2009) by Elsevier
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the point defect, i.e., N vacancy, in InN. Figure 8.11a shows the band structures of
N vacancy, which was calculated using a bulk-InN unit cell with a single vacancy.
Since the unit cell is somewhat small, 2 � 2 � 2, the deformation of conduction
band is large from the dispersion of bulk bands. However, it is seen that the Fermi
energy is located in the conduction band, thus the electron carriers appearing. This
is because there are four In dangling bonds around the N vacancy and they supply
electrons to the conduction band similar to that shown in Fig. 8.10a. In this sense,
we can say that the generation origin of electron carriers is the same between
dislocations and N vacancy.

Then, we consider the dislocation in GaN. Figure 8.11b shows the calculated
band structure of 5/7 core dislocation in GaN. As seen in this figure, the Fermi
energy EF ¼ 0 is located in the fundamental band gap of GaN (between c1 and v1
bands) and there are no electron carriers in the c1 conduction band. This occurs
because, as seen in the left of Fig. 8.10b, GaN has a large band gap around 3.5 eV
and the flat bands made of N–N anti-bonding states are located deep in the fun-
damental band gap, thus, the Ga dangling bonds supply electrons not to the con-
duction band but only to the N–N anti-bonding states and the latter states become
fully occupied. Thus, the dislocation core of GaN becomes only the acceptor and
the electron carriers never appear in the conduction bands of GaN, being in good
agreement with the experiments [27]. The similar trend to GaN is also seen for
dislocations in cubic semiconductors such as Si and GaAs [25]. In this way,
reflecting the large dispersion of the InN conduction bands, InN shows quite dif-
ferent electronic structure of defect states from those of GaN and AlN.

8.2.4 Nature and Inactivation of Electron Carriers

In this subsection, we first consider how many electrons are supplied from the
dislocation core into the conduction bands of InN using the simplest model [34].
We employ the model because the above-mentioned first-principles calculations
were performed using a small unit cell and thus do not apply to the real system
having extended electron carriers. We first assume that the dislocation is a line
positively charged with the line charge density, k = 0.17e/Å, as shown in Fig. 8.12.
In this case, the Hamiltonian for an electron around the dislocation is described asbH ¼ p2=2m� � k=2pe � logðrÞ; where p is the momentum, r the radial coordinate,
m� ¼ 0.14 the effective mass of electron, and e ¼ 14.6 the dielectric constant. The
second term indicates the attractive Coulomb potential around the dislocation.
Thus, using the uncertainty principle, the localization length of bound electron

around the dislocation is estimated as rb �
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
h�2=m� � 2pe=k

q
� 14 Å. On the other

hand, there appear many electrons from the dislocation core and if these electrons
are distributed uniformly in a cylinder with a 2rb radius around the dislocation, the
Tomas-Fermi screening length of potential becomes about l� 7Å, which is shorter
than the localization length derived above. This estimation indicates that most of
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electrons produced from the dislocation core become movable free carriers in the
conduction bands of InN.

It is interesting to note that the electron carriers coexist with charged disloca-
tions. Thus, we can expect the unique transport properties in InN samples having
dislocations [35]. In fact, Miller et al. demonstrated that the observed weak tem-
perature dependence of the electron mobility and Seebeck coefficient is well
explained by considering the scattering of electrons by charged dislocations [36]. In
addition, Baghani and O’Leary argued that the non-uniform distribution of electron
free carriers around dislocations is important to explain the observed values of
electron mobility [37].

Next, we consider the realization of p-type InN. As shown above, the point
defects and dislocations in InN produce unintentional electron carriers, which make
it difficult to produce p-type InN for device applications. Considering that the
electron density is around 1017 cm−3 for good crystalline InN films, one of methods
to realize p-type InN is to dope acceptor atoms with more than this density. In fact,
it was confirmed by Hall mobility, thermopower, electrolyte-based capacitance-
voltage, and optical measurements that Mg-acceptor doping more than 1018cm−3

density realizes the p-type conduction [33, 38]. However, the Mg-doping more than
5 � 1019 cm−3 produces complexes made of Mg and defects and again results in
the n-type InN films.

Another method to realize p-type InN is to decrease electron carriers from the
dislocation by doping C and O atoms into the dislocation core [34]. Figure 8.13a, b
show the schematic energy diagrams of C- and O-doped InN 5/7 dislocations,
respectively, which are obtained from calculated band structures by the
first-principles method. In the case of C-atom doping, The In-C bonding states
shown in Fig. 8.13c appear between the V1 and C1 states, i.e., in the band gap of
InN, thus there is no electron supply to the conduction bands of InN. In the case of
O-atom doping, the dangling-bond states of O atom shown in Fig. 8.13d appear in
the band gap, thus there is also no electron supply to the conduction bands of InN.
In this way, the C- and O-atom doping into the dislocation core eliminates the
electron carriers caused by In dangling bonds. It has not been clear how to realize
this doping and there have been no experimental trials responding to this theoretical
prediction yet. However, since the elimination of unintentional electron carriers is

Fig. 8.12 Schematic picture
of wavefunction wðrÞ of
bound electron and potential
VðrÞ around positively
charged dislocation in InN. rb
and l are the localization
length of bound state and the
screening length of potential
by electron charges,
respectively
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still an important issue to be solved, we need the study to decrease electron carriers
based on the fundamental understanding of electronic structures of InN.

8.3 Schottky Barrier at Metal/InN Interface

Because of small band gap (about 0.7 eV) and small electron effective mass (0.14
m0), InN is promising for optoelectronic device usage. To employ InN in practical
devices, it is essential to produce metal/InN interfaces for carrier injection and to
characterize the Schottky barriers at these interfaces. On the other hand, as
explained in the previous section, unintentional electron carriers are easily

Fig. 8.13 Schematic energy diagrams of a C doped dislocation and b O doped dislocation in InN.
Dark grey regions and filled circles indicate that their energy states are occupied by electrons,
while light grey region and empty circles indicate that electron occupation is empty. The vertical
blue down-arrow in a indicates the electron transfer. Charge densities (green clouds) of c electron
occupied In-C bonding state and d electron occupied O dangling-bond state around dislocation in
InN. Small and large balls indicate N and In atoms, respectively. Doped C and O atoms are located
at the center of dislocation core
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generated in grown InN films by point defects and dislocations, which are produced
owing to the smaller cohesive energy of InN and the large lattice mismatch between
grown films and substrates. Moreover, such carriers are also observed to be gen-
erated around the surfaces and interfaces of InN [23, 38]. These features are closely
related to unique electronic structure of InN as explained in the last part of this
section.

Van de Walle and Neugebauer proposed a band-alignment diagram for a variety
of semiconductors assuming boldly that the hydrogen impurity level has the same
energy position in all semiconductors, [39] such as the alignment of the
charge-neutrality levels of semiconductors [14, 40]. According to their results, the
Fermi energy levels of most of representative metals, such as Al and Au, are located
far above the conduction-band bottom of InN, i.e., typically more than 1.0 eV
above the conduction band bottom. This is probably caused by the large band width
of the conduction band in InN that reflects the large orbital radius of In atoms and
the lowering of such conduction-band energy owing to the high electronegativity of
N atoms. However, for most of metal/semiconductor interfaces, since the
charge-neutrality levels are often located within the fundamental band gaps, the
Fermi energies of metals match certain energy positions in the band gaps [14]. It is,
therefore, interesting to determine the Fermi energy positions of metals that are
realized at metal/InN interfaces. In this section, we consider the Schottky barrier
behavior at metal/InN interfaces using the first-principles calculations [41] and
discuss the relation to the electron carrier generation explained in the previous
section.

8.3.1 Modeling of Interface

To simulate metal/InN interfaces, the standard repeated-slab geometry with a
(1 � 1) surface unit cell is adopted for simplicity. We first prepared InN(0001) slab
systems made of six InN layers, (InN)6, with the In- and N-polarity surfaces. Then,
seven layers of metal atoms are stacked at stable positions on these surfaces, as
shown in Fig. 8.14a, b. Here, we chose Al and Au as representative metals because
they have small and large work functions, respectively [42]. The In and N atoms on
the back surfaces are terminated by hypothetical hydrogen atoms with fractional
charges of 1.25 and 0:75e [12]. Therefore, we obtain slabs of (metal)7/(InN)6H.
A vacuum region equivalent to the thickness of five monolayers is inserted between
these slabs to isolate the interfaces.

Note that the stacked metal layers are pseudomorphic, i.e., coherently strained,
owing to the lattice mismatch between bulk metals and InN, although they prefer to
locate at the wurtzite sites till two-atomic-layer thickness and prefer to form
fcc-bulk-like structures above the second layer as explained in Sect. 8.1 [10]. In
fact, with increasing metal-layer thickness, we can reasonably expect that metal
layers will gradually recover the bulk structure. However, since both bulk and
pseudomorphic metal layers show metallic electronic structures, their Fermi
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energies coincide with each other and the screening of electric fields occurs around
their interfaces. Thus, such stacking in the calculation is expected to produce
acceptable values for the Schottky barrier height (SBH) at real metal/semiconductor
interfaces [14, 43].

There are several methods to evaluate the SBH at metal/semiconductor interfaces
using first-principles calculations [14]. In this section, we adopt the standard
method using the local potential difference [44], where the SBH at the Al/InN

interface is obtained as SBH = Eb
F � Vb

Al

� �� Eb
V;InN � Vb

InN

� �
þ V if

Al � V if
InNÞþ

�
ðEb

V;InN � Eb
C;InNÞ. Here, the first term represents the energy difference between the

Fermi energy and the average local potential in a pseudomorphic Al bulk system,
while the second term represents the energy difference between the top of the
valence band and the average local potential in bulk InN. The third term represents
the energy difference between average local potentials in Al and InN layers in the
Al/InN interface system. For the estimation of V if

Al and V if
InN, we employed the inner

Al and InN layers in the present repeated slab system. The fourth term is the
band-gap energy of bulk InN, for which the observed value of 0.7 eV is adopted
[45, 46].

The atomic positions and electronic structures of metal/InN interfaces are cal-
culated using the standard first-principles total-energy method in the generalized
gradient approximation (GGA), adopting Vanderbilt-type ultrasoft pseudopotentials
for In (3d, 4s, 4p), N (2s, 2p), Al (3s, 3p), and Au (3d, 4s, 4p) atoms [29], the
Perdew-Burke-Ernzerhof (PBE) form of exchange-correlation potential [30], a 25

Fig. 8.14 Schematic atomic
structures at (1� 1) Al/InN
interfaces viewed from the
ð11�20Þ direction: a N-polarity
and b In-polarity interfaces.
Seven metal-atomic layers are
stacked at stable positions on
a six-layered InN substrate.
The back surface of InN is
terminated by hypothetical
hydrogen atoms. Reproduced
with permission from Takei
and Nakayama [41].
Copyright (2009) by the
Japan Society of Applied
Physics
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ryd cutoff energy for plane-waves expansion of wave functions, and the TAPP code
[13]. The atomic positions of the hypothetical hydrogen atoms and two InN layers
on the back surface are fixed at bulk positions, while the other atomic positions are
optimized. The other calculation details are also described elsewhere [14, 25, 47].

8.3.2 Electronic Structure and Schottky Barrier

First, we consider the electronic structure of metal/InN interfaces. The calculated
results showed that there are no qualitative differences in electronic structure
between N- and In-polarity interfaces and between Al and Au interfaces, thus, we
hereafter consider the N-polarity Al/InN interface system for example.
Figure 8.15a, b show the calculated band structure of the Al7/(InN)6 and isolated
(InN)6 slabs, respectively. Comparing these band structures, one can observe that
the band structure of the Al/InN interface system is roughly equal to the sum of the
band structures of the InN and Al slabs. For example, the bands located between
−17 and −14 eV in Fig. 8.15a originate from 2s orbitals of N atoms, which can also
be observed between −14 and −12 eV in Fig. 8.15b. The bands between −7 and
−2 eV in Fig. 8.15a originate from N 2p orbitals, which can also be observed
between −5 and 0 eV in Fig. 8.15b. In the case of the InN slab, both the highest
valence-band and lowest conduction-band states respectively appear at approxi-
mately 0.0 and 0.5 eV at the C point, as shown in Fig. 8.15b. These states are
located at approximately −2 and −1.5 eV, respectively, at C in Fig. 8.15a in the
case of the Al/InN interface.

The most interesting feature of the Al/InN interface system is the position of the
Fermi energy. As shown in Fig. 8.15a, the Fermi energy is located about 1.3 eV
above the lowest conduction-band state (denoted as c in the figure) of the InN

Fig. 8.15 Calculated band structures of a N-polarity Al7/(InN)6 interface system and b isolated
(InN)6 slab system. Fermi energy positions are located at 0.0 eV in both a and b. Reproduced with
permission from Takei and Nakayama [41]. Copyright (2009) by the Japan Society of Applied
Physics
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layers. Since the metallic Al layers mainly produce the Fermi-energy states in Al/
InN system, this result indicates that a certain amount of electron-charge transfer
occurs from Al to InN layers at the interface. By analyzing charge distribution and
potential profile around the interface, we can confirm such electron transfer across
the interface (not shown here. See [41] in details).

From these electronic structure analyses, we can describe the schematic band
alignment near the Al/InN interface, which is shown in Fig. 8.16. Since the Fermi
energy of Al is located above the lowest conduction band of InN, the electron
transfer occurs from Al layers into the near-interface region of InN layers. This
transfer promotes the band bending on a microscopic scale (10–15Å) in InN layers,
which is also confirmed by observing the electronic states in InN layers (See [41]).

Next, we consider the intrinsic Schottky-barrier heights (SBHs) at metal/InN
interfaces. In all N-polarity and In-polarity Al/InN and Au/InN interfaces, we
observed the above-mentioned microscopic potential bending in InN layers, which
is caused by the electron transfer from metal layers to InN layers as shown in
Fig. 8.16. The values of intrinsic SBHs shown in Fig. 8.16 are derived by removing
this effect of potential bending [41].

Table 8.1 shows the calculated intrinsic SBHs at Al/InN and Au/InN interfaces
[41], where the error is estimated as about 0.1 eV by considering slabs with

Fig. 8.16 Schematic band alignment at Al/InN interface. EC and EV are the lowest
conduction-band and the highest valence-band edges of InN, while Eg is the band gap of InN.
SBH denotes the intrinsic Schottky-barrier height for electron. Electrons transfer from Al electrode
into interface region of InN having d = 10–15 Å width

Table 8.1 Calculated intrinsic Schottky barrier heights (SBH) at N- and In-polarity metal/InN
interfaces in eV. Positive values indicate that Fermi energies of metals are located above the
conduction-band bottom of InN. See also Fig. 8.16

N polarity In polarity

Al/InN 1:32	 0:1 1:23	 0:1

Au/InN 0:43	 0:1 0:62	 0:1

8 Polarity Inversion and Electron Carrier Generation … 165



different thickness. These SBH values are also evaluated from the calculated band
structure, i.e., the projected density of states. The positive values indicate that the
Fermi energies of both Al and Au metals are located above the conduction-band
bottom of InN, which is consistent with the band-alignment prediction of Van de
Walle and Neugebauer [39]. The difference in SBH between Al and Au metals is
approximately 0.7 eV in average, which originates from the intrinsic difference in
the work function between Al and Au bulk metals. On the other hand, the decrease
in the difference in SBH between Al and Au metals is observed at the In-polarity
interface but not at the N-polarity interface, which is mainly caused by the increase
in SBH at the N-polarity Au/InN interface. This occurs because Au atoms have
substantially higher electronegativity than In atoms, and the Au-In bond at the
interface promotes electron transfer (polarization) from In to Au, which thus
decreases the electron transfer from Au to InN layers and increases SBHs.

8.3.3 Origin of Electron Carrier Generation by Structural
Defects

As shown in this chapter, electron carriers are generated in conduction bands of InN
at two-dimensional metal/InN interfaces, around one-dimensional dislocations, and
around zero-dimensional point defects, which is the unique feature of InN never
seen in other semiconductors. In this subsection, we consider this feature from the
viewpoint of interface physics [14, 48–50].

For most of metal/semiconductor interfaces where the translational symmetry is
broken, we can define the effective Fermi energy ECNL of semiconductor in its band
gap, which is called the charge neutrality level (CNL) [14]. At the interface, the
charge transfer occurs so as to match the Fermi energy of metal EF to this ECNL, thus,
the Fermi energies of various metals are normally located in the band gap of
semiconductor. In this sense, the ECNL of InN is located in the conduction bands as
shown in Fig. 8.17a, which is quite different from the cases of other semiconductors.

First, we consider why the energy position ECNL of InN is so different. Since In
and N have large (due to inner d electrons) and small atomic radiuses, respectively,
the transfer energy of In-s orbital between adjacent In atoms becomes extremely
large in the tight-binding picture and thus the lowest conduction band has markedly
large dispersion, i.e., large band width as seen for the band c1 in Fig. 8.8a and thus
small effective mass. In addition, since these In-s orbitals receive the strong
Coulomb interaction of N atoms, such conduction band almost touches the
valence-band top and thus the band gap becomes so small for InN. By the way,
electronic structures of most of semiconductors are produced by sp3 orbitals and
their band gaps appear as the energy gaps between bonding and antibonding states
of these orbitals, which teaches us that the band gap is produced not only by s
orbitals but also p orbitals. We note in Fig. 8.8a that the second lowest conduction
band made of antibonding p orbitals is located about 1–1.5 eV above the lowest
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conduction band. The energy position of CNL is obtained as some average of
energy differences of various bonding-antibonding gaps. In this sense, we can
understand the suitability that the CNL of InN is located in the lowest conduction
band as shown in Fig. 8.17a.

Next, we consider the case of point defect. In most of semiconductors, the
point-defect-induced dangling bonds have energy levels in the band gap. In the case
of InN, however, as seen in Fig. 8.17b, the dangling bond states of In atoms appear
in the conduction band region and supply electron carriers into the conduction
bands. Considering that the dangling bonds around point defects are often made of
sp3-like orbitals, the similar scenario to that of the above-mentioned metal/InN
interfaces also applies to the case of point defects. It is interesting to note from the
viewpoint of interface physics, on the other hand, that the CNL is determined by the
metal-induced gap states (MIGS) in the case of plane metal/semiconductor inter-
face, while the CNL is determined by the disorder-induced gap states (DIGS) in the
case of point defects [14].

Finally, we consider the case of dislocation. In most of semiconductors such as
Si and GaAs, dangling-bond-like orbitals localized around the dislocation core have
energy levels in the band gap [25]. In the case of InN, however, as shown in
Fig. 8.17c, since the lowest conduction band is wide, not only the In dangling-bond
states but also N-N antibonding states are located in the lowest conduction band and
supply electron carriers to such conduction band, thus the electron carrier genera-
tion occurs. As explained in Sect. 8.3.2, however, the latter N-N states appear in the

Fig. 8.17 Schematic energy diagrams explaining electron carrier generation in InN films in cases
of a metal/InN interface, b N vacancy in InN, and c dislocation in InN. EG indicates the band-gap
position between lower valence (lower box) and upper conduction (upper box) bands, while EF is
the Fermi-energy position. Green band regions are occupied by electrons. Red arrows indicate the
electron transfer in these systems, while red regions indicate the generated electron carriers in the
conduction bands of InN

8 Polarity Inversion and Electron Carrier Generation … 167



band gap of GaN, there is no generation of electron carriers in the conduction band
in the case of GaN dislocation. This situation also occurs in the cases of dislocations
in Si and GaAs [25].
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Chapter 9
Defects in Indium-Related Nitride
Compounds and Structural Design
of AlN/GaN Superlattices

Kenji Shiraishi

In this chapter, we focus on two topics related to the electronic and optical prop-
erties of III-nitride compounds. By applying of ab initio approach, we can analyze
the electronic structures of III-nitride compounds as well as other semiconductors.
This is exemplified by theoretical analysis of electronic structures of In-related
nitride compounds, which exhibit characteristic behavior originating from the large
difference in the covalent radius between In and N atoms. By considering atomic
and electronics structures of nitrogen vacancy (VN) in InGaN in detail, the second
nearest neighbor In–In interaction are crucial for unusually narrow bandgap of InN.
Furthermore, this approach is applied to demonstrate AlN/GaN superlattice in the
wurtzite phase with one or two GaN monolayers, which is efficient for
near-band-edge c-plane emission of deep-ultraviolet (UV) LEDs. In particular, the
emission wavelength is estimated to be 224 nm for the AlN/GaN superlattice with
one GaN-monolayer, which is remarkably shorter than that for Al-rich AlGaN
alloys. The optical matrix element of such superlattice is found to be 57% relative to
the GaN bulk value. In Sect. 9.1, the atomic and electronic structures of VN in
InGaN to clarify the physical origin of the unusually narrow bandgap of InN.
Section 9.2 is devoted to discuss structural design of AlN/GaN superlattices for
deep-ultraviolet light-emitting diodes with high emission efficiency.

9.1 Defects in Indium-Related Nitride Compounds

In-related nitride compounds such as InGaN have attracted great attention from
both technological and scientific viewpoints since InGaN is applied as a key
material for blue light-emitting diodes [1]. Although it has been practically used in
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the semiconductor industry, many fundamental phenomena observed in In-related
nitride compounds are still mysterious. The physical origin of the unusually narrow
bandgap of InN [2–4] has not been clearly explained: the very small bandgap has
been obtained in previous ab initio calculations [5]. In order to clarify the origin of
the peculiar properties, it should be noted that the covalent radius of an In atom
(1.44 Å) is much larger than that of an N atom (0.7 Å). This characteristic feature
results in the relatively shorter distance between the second nearest neighbor In
atoms as schematically shown in Fig. 9.1. As shown in this figure, the In–In dis-
tance in InN (3.5 Å) is much smaller than that in the typical covalent semiconductor
of InAs (4.28 Å) due to the small covalent radius of N. It should also be noted that
the In–In distance in a bulk In metal is 3.25 Å. These structural characteristics
imply that the second nearest neighbor In–In interaction is of importance in
In-related nitride compounds. It is thus expected that VN in InGaN should reflect the
importance of the In–In interaction.

The analysis of electronic structures of VN for various atomic configuration in
InGaN demonstrates that the second nearest neighbor In–In interaction is crucial as
well as the nearest neighbor In–N interaction in In-related nitride compounds.
Figure 9.2 shows the schematics of atomic configurations of VN in InGaN con-
sidered in ab initio calculations. The calculated formation energy of VN, which is
defined as the minimum energy cost to generate VN by removing N atom in InGaN,
[6, 7] reveals that the formation energy of positively charged VN is lower than that
with neutral charge state. The calculated formation energy of VN in n-type GaN is
2.84 eV under Ga-rich condition, where the chemical potential of N is assumed
using (4.2), agrees with that in previous calculations [8]. Table 9.1 shows the
relative formation energies of positively charged VN. The formation energy in pure
GaN is set to be zero for comparison. It is found that the formation energy decreases
with the number of neighboring In atoms. The single substitution of In atom causes
the decrease in the formation energy by*0.5 eV. Consequently, substitution of
two In atoms for two Ga atoms results in the 1.0 eV decrease in the formation

Fig. 9.1 Schematic illustration of the importance of the second nearest neighbor by considering
the strong second nearest neighbor In–In interactions in In-related nitride semiconductors
(a) compared with a conventional semiconductor of InAs (b). The open, small hatched and large
hatched circles indicate In, N, and As atoms, respectively. Reproduced with permission from
Obata et al. [12]. Copyright (2009) by Elsevier
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energy of VN. In covalent semiconductors, the formation energy of the vacancy is
generally discussed in terms of a dangling bond counting model [9, 10]. The
formation energy corresponds to the energy cost to disrupt the four bonds around
the vacancy. Therefore, it is considered that the decrease in the formation energy
corresponds to the energy difference between Ga–N and In–N. However, the energy
gains by the formation of Ga–N and In–N bonds are estimated as 2.26 and 1.99 eV,
respectively [11]. The estimated value of the decrease of the formation energy is
(0.27 eV) is only half of the calculated value (*0.5 eV). This indicates that
additional energy gain of 0.23 eV are important in InGaN.

To clarify the origin of the above discrepancy, the atomic structures of VN with
two nearest neighbor In atoms have been investigated. Figure 9.3a shows the
schematics of atomic positions of In and N atoms around VN along with the
calculated contour plots of total charge density of InGaN with VN [12]. As shown in

Fig. 9.2 Schematic illustration of the five investigated N mono-vacancy (VN) structures. a VN in
perfect GaN, b VN with one nearest neighbor In atom (Type I), c VN with one nearest neighbor In
atom (Type II), and d VN with two nearest neighbor In atoms (Type I). The open and filled circles
indicate In and Ga atoms, respectively and the open circle with the broken line corresponds to N
mono-vacancies. Reproduced with permission from Obata et al. [12]. Copyright (2009) by Elsevier

Table 9.1 Relative
formation energies of VN in
InGaN compared with the VN

formation energy in pure
GaN. Atomic configuration of
VN in InGaN are shown in
Fig. 9.2

Type of VN Formation energy (eV)

Pure GaN 0.0

One In (Type I) −0.57

One In (Type II) −0.50

Two In (Type I) −1.05

Two In (Type II) −0.96
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Fig. 9.3a, the calculated In–In distance, which is originally the second nearest
neighbor atoms, is only 3.05 Å. This value is even smaller than the In–In distance
in bulk In (3.25 Å), indicating a strong interaction between the second nearest
neighbor In–In atoms. In fact, the total charge density shown in Fig. 9.3a reflects
the strong interaction between In atoms. From the calculated contour plots bulk In
shown Fig. 9.3b, it is also found that the In–In interaction in InGaN with VN is
much stronger than that in bulk In, i.e., the In–In bond generated around VN is
much stronger than the In–In bond in bulk In, indicating that the concept of dan-
gling bonds which is relevant in the conventional semiconductors is insufficient in
InGaN. The formation of strong In–In bond is qualitatively consistent with theo-
retical reports that multiple N vacancies in InN cause metallic bonding between In–
In atoms in InN [13]. Furthermore, the formation metallic In–In bonds is estimated
to be 0.4 eV. This value is sufficient to explain above mentioned the additional
energy gain of 0.23 eV. Moreover, the energy gain reduction of 0.17 eV seems to
be natural by considering the fact that In–In bond formation in InGaN induces
energetically unfavorable lattice distortion around VN. Therefore, it is necessary to
adopt a new material concept that the second nearest neighbor interaction between
In atoms is very important as well as the nearest neighbor interaction for consid-
ering In-related nitride compounds.

Fig. 9.3 Contour plots of total charge density. a InGaN with VN, and b bulk In metal. The open
circle with solid line corresponds to In atoms and the open circle with broken line indicates N
mono-vacancies. Each contour represents twice (or half) of the density of the adjacent contour
lines. The lowest values represented by the contour is 0.11 Å. Reproduced with permission from
Obata et al. [12]. Copyright (2009) by Elsevier
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By considering the second nearest neighbor In–In interactions, the physical
origin of the unusually narrow bandgap of InN can be explained. In the wurtzite
structure, each In atom is surrounded by 4 nearest neighbor N atoms and 12 nearest
neighbor In atoms. Figure 9.4 shows the band structures of GaN and InN with both
wurtzite and zinc-blende structures. As shown in these figures, InN bandgaps are
much smaller than GaN for both the wurtzite and zinc-blende structures. It is
noticeable that InN bandgaps become smaller due to the large dispersions of the
conduction bands (especially around C point) for both wurtzite and zinc blende
structures. This large dispersion corresponds to the very small electron effective
mass of InN. Since both the wurtzite and zinc blende band structures have similar
characteristics, and since the atomic configurations of the wurtzite and zinc blende
structures are the same within the second nearest neighbor atoms, it is sufficient to
just consider the zinc blende band structure in order to clarify the physical origin of
the narrow bandgap in InN. In zinc-blende structures, the energy level at the C point
can be described analytically based on the tight-binding calculations [14]. If we
consider only the nearest neighbor interactions, the energy of the conduction band
bottom at the C point, E Ccð Þ, is expressed as

E Ccð Þ ¼ E In; sð ÞþE N; sð Þ
2

þ
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

E In; sð Þ � E N; sð Þ
2

� �2

þ 16t2 In; s : N; sð Þ
s

; ð9:1Þ

where, E In; sð Þ and E N; sð Þ are the on-site energies of the In-5s and N-2s orbitals,
respectively, and t In; s : N; sð Þ is the transfer integral between In-5s and

Fig. 9.4 Band structures of a wurtzite GaN, b zinc-blende GaN, c wurtzite InN, and d zinc-blende
InN. The energy of valence band top is set to zero. Reproduced with permission from Obata et al.
[12]. Copyright (2009) by Elsevier
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N-2s orbitals. In addition to the nearest neighbor interactions, we can easily include
the interaction between second nearest neighbor In atoms. The obtained energy of
the conduction band bottom at the C point, E0 Ccð Þ can be written as

E0 Ccð Þ ¼ E In; sð Þþ 12t In; s : In; sð ÞþE N; sð Þ
2

þ
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

E In; sð Þþ 12t In; s : In; sð Þ � E N; sð Þ
2

� �2

þ 16t2 In; s : N; sð Þ
s

;

ð9:2Þ

where t In; s : In; sð Þ is the transfer integral between the second nearest neighbor
In-5s orbitals. As shown in (9.1) and (9.2), it is naturally concluded that the energy
of the conduction band bottom should drastically decrease when the magnitude of
negative value of t In; s : In; sð Þ is sufficiently large, leading to an extremely narrow
bandgap. To roughly estimate the transfer integral between second nearest neighbor
In atoms, t In; s : In; sð Þ; for InN and InAs, we calculated the hypothetical In2
molecules whose distances correspond to InN (3.50 Å) and InAs (4.28 Å),
respectively. The calculated values of bonding–antibonding splittings of
In-5s orbitals are 1.2 and 0.4 eV for 3.50 and 4.28 Å, respectively. Therefore, it is
expected that t In; s : In; sð Þ of InN is three times larger than that of InAs. This
implies that second nearest In–In interaction is much more significant in InN than
that in InAs. Moreover, it is also concluded that the decrease in the conduction band
energy which originates from the second nearest neighbor In–In interaction is three
times larger in InN than that in InAs. Since the strong In–In interaction governs the
band width, it is concluded that the band dispersion of the conduction band should
be large. The unusually narrow bandgap of InN can naturally be explained by
considering the strong second nearest neighbor In–In interactions.

9.2 Structural Design of AlN/GaN Superlattices
for Deep-UV LEDs with High Emission Efficiency

The UV LEDs have recently attracted a great deal of attention as promising can-
didates for the next-generation high-density optical storage and solid-state lighting.
Recently, fabrication of deep-UV AlN LEDs has been reported with an emission
efficiency of 1� 10�4 % [15–21]. However, this emission efficiency is still much
lower than that of the near-UV GaN LED. This is because AlN has an anisotropic
emission pattern where light is emitted barely from the 0001ð Þ planes (c-plane), but
preferentially from the 11�20ð Þ planes (a-plane). An increase in its emission effi-
ciency is thus necessary for practical application of deep-UV AlN LEDs.

The directional light emission properties of AlN LEDs reflect a different valence
band structure for AlN compared with that of GaN, as described in Sect. 3.2
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[22–24] In general, the valence bands at the C point for wurtzite crystals such as
AlN and GaN are separated into heavy-hole (HH), light-hole (LH), and
crystal-field-split-off hole (CH) bands due to spin-orbit interactions and the crystal
field. The HH and LH states have a character of nitrogen 2p orbitals perpendicular
to the c-axis, while the CH state is characterized by nitrogen 2p orbitals parallel to
the c-axis. The optical transitions between the HH or LH bands and the conduction
band are mainly allowed for light polarized perpendicular to the c-axis (E?c),
where E is the electric field vector of the emitted light. On the other hand, the
transition between the CH band and the conduction band is predominantly allowed
for light polarized parallel to the c-axis (E k c).

In GaN, the HH and LH bands are higher in energy than the CH with
crystal-field splitting Dcf of*25 meV [25, 26]. By contrast, in AlN, the CH band is
energetically higher than the HH and LH bands, which leads to negative
crystal-field splitting Dcf of �165 meV [21]. The difference in electronic structure
between AlN and GaN results in the anisotropic emission pattern of the AlN.
Therefore, to increase the efficiency of the c-plane surface emission in deep-UV
AlN LEDs, the important issue is how to convert the negative Dcf to positive. For
this purpose, the conventional method is using the ternary alloy of AlGaN. It has
been reported, however, that the Ga composition at which Dcf becomes zero is
22–27%, [27] which limits its c-plane emission wavelength to*240–260 nm. To
obtain near-band-edge c-plane emission of deep-UV LEDs, we consider a [0001]-
oriented AlN/GaN superlattice in the wurtzite phase. The period of the superlattice
along the [0001] direction (c-axis) was fixed to be 20 monolayers, i.e., (AlN)20-n/
(GaN)n, where n is the number of monolayers (n ¼ 1; . . .; 10), is taken into account
as a representative of [0001]-oriented AlN/GaN superlattice. Figure 9.5 shows the
structural model of the AlN/GaN superlattices.

Figure 9.6 shows the electronic energy bands of the (AlN)20-n/(GaN)n super-
lattices around the C point. In the AlN bulk, corresponding to n ¼ 0, the CH band is
energetically higher than the HH and LH bands, which leads to a negative of �0:23
eV [28]. It should be noted that the HH and LH bands are degenerate at the C point
because the spin-orbit coupling is neglected. In the AlN/GaN superlattices, the HH
and LH bands are, however, higher in energy than the CH band, resulting in the
valence band top. The calculated Dcf as a function of the number of GaN mono-
layers shown in Fig. 9.7 [28] exhibits the reverse of the Dcf sign for AlN/GaN
superlattices with more than one GaN monolayer. The calculated Dcf is about
+0.18 eV in the (AlN)19/(GaN)1 superlattice. Furthermore, the value of Dcf

increases with GaN thickness, but it approaches +0.40 eV in the AlN/GaN

Fig. 9.5 Structural model of AlN/GaN superlattices.The figure shows (AlN)18/(GaN)2 as an
example. Yellow, black, and gray circles represent Al, N, and Ga atoms, respectively. Reproduced
with permission from Kamiya et al. [28]. Copyright (2012) by the Japan Society of Applied
Physics
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superlattices with more than three GaN monolayers. These results indicate clearly
that a negative value of Dcf in the AlN bulk is converted to a positive value of Dcf

by using the AlN/GaN superlattice with more than one GaN monolayer.
Figure 9.8 shows the wave functions of the lowest conduction band, HH/LH

bands, and CH band for the (AlN)20-n/(GaN)n superlattices [28]. It is found that the
wave functions in the HH and LH bands are characterized by N 2p orbitals

Fig. 9.6 Energy band structure around the C point of the a bulk AlN,c Energies are measured
from the valence band top of bulk AlN at the C point. Reproduced with permission from Kamiya
et al. [28]. Copyright (2012) by the Japan Society of Applied Physics

Fig. 9.7 Calculated
crystal-field splitting Dcf of a
AlN/GaN superlattice as a
function of the number of
GaN monolayers. Reproduced
with permission from Kamiya
et al. [28]. Copyright (2012)
by the Japan Society of
Applied Physics
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perpendicular to the c-axis, while the wave function in the CH band has a character
of N-2p orbitals parallel to the c-axis; the lowest conduction state is composed
mainly of N-2s orbitals. We also found that the wave functions in the HH, LH, and
lowermost conduction bands are much more localized in a quantum well than that
in the CH band. This demonstrates that quantum confinement effects are larger for
the former three bands than the latter. This difference in the confinement effects is
also observed in the band structures shown in Fig. 9.6, where the HH and LH
bands in the AlN/GaN superlattice have a flat dispersion along the C to A line
(kz direction), while the CH band has a small dispersion along this direction. On the
other hand, all of these bands have a significant dispersion along the kx direction in
all the AlN/GaN superlattices. The calculated electron and hole effective masses are
listed in Table 9.2. These results clearly provide evidence that the negative Dcf is
reversed in the AlN/GaN superlattice due to the difference in quantum confinement
effects between the HH/LH and CH bands.

From Fig. 9.6, it is also found that the high-lying valence bands and the
low-lying conduction bands in the AlN/GaN superlattice shift upward and down-
ward, respectively, with GaN thickness. The energy gap of the AlN/GaN super-
lattices with one to five GaN monolayers is ranging within the deep-UV spectral
region. In particular, the bandgap is found to be 5.5 eV (224 nm) and 5.0 eV
(247 nm) in (AlN)19/(GaN)1 and (AlN)18/(GaN)2, respectively. The confinement
effects lead to the monotonic decrease in the energy gap. Moreover, as can be seen
in Fig. 9.8, the wave functions in the valence bands and the conduction band are
separately distributed in a quantum well. These phenomena are ascribed to the
quantum-confinement Stark effect (QCSE), in which the built-in electric field across
the quantum well exists in the AlN/GaN superlattice. This electric field tends to
separate an electron and a hole localized in a quantum well, as clearly indicated by

JFig. 9.8 Isosurfaces of the wavefunctions in the (upper) lowest conduction band, (two middle)
HH/LH bands, and (lower) CH band at the C point for the a bulk AlN, b (AlN)19/(GaN)1,
c (AlN)18/(GaN)2, d (AlN)17/(GaN)3, e (AlN)16/(GaN)4, f (AlN)15/(GaN)5, g (AlN)14/(GaN)6,
h (AlN)13/(GaN)7, i (AlN)12/(GaN)8, j (AlN)11/(GaN)9, and k (AlN)10/(GaN)10 superlattices. Blue
and red isosurfaces represent positive and negative values, respectively. The isovalues are±1.08
(e/Å3)1/2. Reproduced with permission from Kamiya et al. [28]. Copyright (2012) by the Japan
Society of Applied Physics

Table 9.2 Electron and hole effective masses (me and mh, respectively) for an AlN/GaN
superlattice as a function of the number of GaN monolayers. The ? and k denote the components
along the kx and kx directions, respectively. All values are measured in units of a free-electron mass
m0

AlN 1 2 3 4 5 6 7 8 9 10 GaN

m?
e 0.31 0.33 0.33 0.32 0.30 0.30 0.29 0.29 0.29 0.29 0.29 0.18

mk
e

0.30 0.17

m?
h 4.02 1.70 1.71 1.73 1.74 1.74 1.76 1.76 1.78 1.78 1.79 2.29

mk
h

0.25 2.23
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the distribution of the square of the wave functions in the valence band top and
conduction band bottom in Fig. 9.8. It is thus suggested that the AlN/GaN super-
lattice with one or two GaN monolayers is efficient for near-band-edge emission of
a deep-UV LED. It should be noted that using different AlN thicknesses for the
AlN/GaN superlattice, i.e., (AlN)29/(GaN)1 and (AlN)39/(GaN)1, gives the same
results as with (AlN)19/(GaN)1: The results are independent of AlN thickness.

Figure 9.9 shows the interband optical momentum matrix element of the AlN/
GaN superlattice as a function of Ga monolayer thickness, also shown in AlN bulk
and GaN bulk cases; these values are shown as a relative value to that of GaN,
rsuperlatice=GaN, given by

rsuperlattice=GaN ¼ wcjPjwvj jAlN=GaN
wcjPjwvj jGaN

; ð9:3Þ

where wv and wc are the wave functions of the valence band top and conduction
band bottom at the C point, respectively, P is the momentum operator, and sub-
scripts AlN/GaN and GaN in momentum matrix elements denote AlN/GaN
superlattice and bulk GaN, respectively [29]. In the case of the AlN bulk, the
component of the matrix element perpendicular to the c-axis is almost equal to zero,
and the matrix element component parallel to the c-axis accounts for a majority of
the total. The trend is completely opposite in the case of the GaN bulk. However,
the component of the matrix element perpendicular to the c-axis significantly
increases for the AlN/GaN superlattices with one and two GaN monolayers, as
shown in Fig. 9.9. The calculated values are 57 and 52% relative to GaN bulk for
the (AlN)19/(GaN)1 and (AlN)18/(GaN)2 cases, respectively. On the other hand, the
component parallel to the c-axis is almost down to zero in all of the AlN/GaN
superlattices. The momentum matrix elements decrease monotonically as the
number of GaN monolayers increases. This monotonic decrease originates from the

Fig. 9.9 Interband optical momentum matrix elements of an AlN/GaN superlattice as a function
of GaN monolayer thickness, calculated at the C point between the highest valence band and the
lowest conduction band. All the values are normalized to the square value of the momentum
matrix element for GaN bulk. The ? and k denote the components that are perpendicular and
parallel to the c-axis, respectively. Reproduced with permission from Kamiya et al. [29]. Copyright
(2011) by American Institute of Physics
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QCSE. These results offer the improvement of near-band-edge emission from the
c-plane by using AlN/GaN superlattices.

On the basis of these calculated results, it is concluded that quantum confinement
effects of the AlN/GaN superlattices with one and two GaN monolayers lead to
spreading the energy gap of GaN bulk as well as reversing the negative Dcf in AlN
bulk: such a superlattice structure makes the best use of both the high emission
efficiency of GaN up to 57% in terms of the optical matrix element and the wide
energy gap of AlN up to 5.5 eV (224 nm). Since 22–27% Ga composition in
ternary alloy of AlGaN is needed to reverse the Dcf sign, [27] which limits the
emission wavelength to*240–260 nm, this is the advantageous of using super-
lattices compared with using the ternary alloy of AlGaN.
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Chapter 10
Novel Behaviors Related to III-Nitride
Thin Film Growth

Toru Akiyama

In Chaps. 4 and 7, we have discussed an ab initio-based chemical potential
approach that incorporates the free energy of gas phase, to determine surface
structures and growth kinetics on III-nitride surfaces. It has been revealed that this
theoretical approach is useful to analyze the influence of temperatures and gas
pressure related to the epitaxial growth of III-nitride compounds. By the application
of this method, novel behavior during epitaxial growth of III-nitride compounds can
be clarified. In this chapter, we discuss the feasibility of theoretical approach to
various phenomena during epitaxial growth of III-nitride compounds. Surface phase
diagram calculations as functions of temperature and gas pressure are performed to
clarify the roles of Mg and C incorporation into GaN surfaces during growth.
Furthermore, kinetic processes of initial nitridation of Al2O3 substrate are investi-
gated using kinetic Monte Carlo (kMC) simulations (See, Sect. 2.3) on the basis of
the results of adsorption, desorption, and migration energies obtained by ab initio
calculations. Several perspectives for more realistic simulations for novel behaviors
related to III-nitride thin film growth are also discussed.

10.1 Structure and Electronic States of Mg Incorporated
InN Surfaces

Owing to the discovery of narrow energy gap in InN, [1, 2] InN has attracted much
attention as a promising material for applications such as high-efficiency solar cells,
light-emitting diodes, and high-frequency transistors. To realize these devices, the
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ability to fabricate both p- and n-type InN through doping remains a key challenge.
Especially, p-type doping in InN has been very difficult to achieve due to its
propensity for n-type carrier formation. Recently, buried p-type conductivity has
been confirmed on In-polar samples which are grown along [0001] orientation. This
indicates the realization of p-type InN by Mg doping [3–6]. Furthermore, the
reduction in electron concentration in the electron accumulation layer of the surface
was observed by Hall measurements, suggesting carrier compensation due to p-type
doping [5, 6]. Since these experimental results reveal donor-acceptor interactions on
polar InN surfaces, they raise interesting issues such as the stability of Mg at the
surface and its interaction with the electron accumulation layer. Although the sta-
bilization of donors and acceptors on by the compensation mechanism has been
envisioned using the highly precise full potential linearized augmented plane-wave
method, [7] the formation of Mg-incorporated surfaces considering the growth
condition and its effects on the electronic properties still remain unresolved problems.

The growth and p-type doping along nonpolar 1�100ð Þ and 11�20ð Þ orientations in
InN is also important issue. These nonpolar planes are attractive because of the
absence of polarization fields, [8, 9] whereas the growth of InN epitaxial films along
polar orientations such as [0001] and 000�1½ � may result in large polarization fields
along the growth direction reducing the radiative efficiency [10]. X-ray photoe-
mission spectroscopy (XPS) [11] and scanning photoelectron microscopy and
spectroscopy [12] have observed electron accumulation on 1�100ð Þ planes, and
density functional calculations for the reconstructions on nonpolar InN 1�100ð Þ and
11�20ð Þ surfaces have clarified that the surfaces with In adlayers are favorable under
In-rich conditions [13, 14]. It is thus of importance to clarifying the stability of
Mg-incorporated surfaces taking account the doping conditions and the compen-
sation mechanisms due to Mg doping in nonpolar orientations.

Figure 10.1 shows the calculated formation energies of Mg-incorporated sur-
faces on InN(0001) and 000�1ð Þ surfaces as a function of In chemical potential using
the slab models with 2� 2 and

ffiffiffi
3

p � ffiffiffi
3

p
periodicity along with those for bare

surfaces. The figures of formation energy include only those reconstructions that are
found to be energetically favorable in some part of the phase space spanned by the
chemical potentials. Here, the value of lMg is estimated using (2.63) at Mg pressure
of 1:0� 10�7 Torr for T = 725 and 825 K for InN(0001) and 000�1ð Þ surfaces,
respectively. In the absence of Mg, the surfaces with an In adatom (Inad) and a
laterally contracted In bilayer (Inbilayer) are stabilized for moderately and extreme
In-rich conditions on the (0001) surface, respectively, while the surface with an In
adlayer (Inadlayer) is favorable over the entire In range on the 000�1ð Þ surface [13,
15]. In addition to these reconstructions, the reconstructions with In bilayer and In
trilayer proposed by the XPS [16] for InN(0001) and 000�1ð Þ surfaces, respectively,
are stabilized only under extremely In-rich conditions satisfying lIn � 0:1 eV.

For the (0001) orientation, the 2� 2 surface with three substitutional Mg atoms
at the topmost In sites, MgIn(3/4) is found to be favorable over a wide range of In
among various surface reconstructions including bare surfaces, as shown in
Fig. 10.1a. Besides, the surface with two substitutional Mg atoms, MgIn(1/2), is
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stabilized for low Mg pressures. This implies that Mg atoms can be easily incor-
porated on the surface and the fraction of substitutional Mg atoms at the topmost In
sites increases with higher Mg pressure, qualitatively consistent with the high Mg
concentration obtained from secondary-ion-mass spectroscopy (SIMS) [6]. The
atomic configuration of MgIn(3/4) is identical to the most stable one in Mg
incorporated GaN(0001) surfaces, [17, 18] indicating that its stabilization can be
interpreted in terms of the electron counting (EC) rule. [19] From total-energy
differences among various structures, the energy deficit due to excess electrons on
In dangling bond [20] is estimated to be 0.65 eV/electron and the bond energy of
In-N is lower than that of Mg–N by �0:1 eV. These results indicate that excess
electrons on In-dangling bonds crucially affect the structural stability of (0001)
surface.

The calculated results for InN 000�1ð Þ surface are different from those on InN
(0001) surface. The 2� 2 surface with a substitutional Mg atom at the topmost In
layer of In adlayer (Inadlayer+MgIn) is the most stable among Mg-incorporated
surfaces over the entire lIn range, consistent with x-ray absorption fine-structure
measurements [21]. However, its formation energy is higher than that of In adlayer,
especially for In-rich conditions (Fig. 10.1b). The formation-energy difference
between these structures is small under N-rich conditions. Therefore, the
Mg-incorporated InN 000�1ð Þ surfaces are always metastable under In-rich condi-
tions and appear occasionally under N-rich conditions [22]. The stability of the
Inadlayer can be qualitatively understood by the preference of metallic In-In bonds
compared to In-Mg bonds in the adlayer.

Fig. 10.1 Calculated formation energies of Mg-incorporated a InN(0001) and b InN 000�1ð Þ
surfaces (solid lines) using (4.1) as a function of lIn, along with those for bare surfaces (dashed
lines). The value of lMg are EMg � 2:5 and EMg � 2:7 eV, which correspond to Mg-rich conditions
pMg ¼ 1:0� 10�7 Torr
� �

at T ¼ 725 and 825 K for InN(0001) and 000�1ð Þ surfaces, respectively.
(Reproduced with permission from Akiyama et al. [78]. Copyright (2009) by American Physical
Society.)
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Figure 10.2 shows the calculated density of states (DOS) of Mg-incorporated
surfaces, along with those of bare surfaces. The absence of electronic states around
the Fermi energy is found in the DOS of MgIn(3/4) (solid line in Fig. 10.2a),
exhibiting semiconducting character satisfying the EC rule [19]. Comparison with
the DOS of Inbilayer dashed line in Fig. 10.2a also clarifies that the electronic
states, which could be responsible for the electron accumulation, are reduced by Mg
incorporation, leading to the reduction in electron concentration reported in the
experiments [3, 4, 6]. In contrast, around the Fermi energy the DOS of
Inadlayer+MgIn is similar to that of Inadlayer, as shown in Fig. 10.2b. This is because
the states near the Fermi energy correspond to metallic In-In bonds in the In adlayer
and there are little changes even after substitution by one Mg atom. It should be
noted that the local DOS for N atoms near Mg at the surface for MgIn(3/4) and for
Inadlayer+MgIn shown in Fig. 10.2a, b, respectively, are virtually occupied by
electrons: Mg acceptors at the surface are compensated by electrons from the
surfaces, supporting the experimental data [3, 4, 6].

Figure 10.3 shows the calculated formation energies of InN 1�100ð Þ and 11�20ð Þ
surfaces as a function of In chemical potential using slab models with 1� 2 and
1� 1 periodicity for InN 1�100ð Þ and 11�20ð Þ surfaces, respectively. In the absence of
Mg, the surfaces with a laterally contracted In bilayer, Inbilayer, and with an In

Fig. 10.2 Calculated DOS of a laterally contracted In bilayer structure Inbilayer
� �

and the 2� 2
surface with three substitutional Mg atoms, MgIn(3/4), by Mg incorporation on InN(0001) surface,
and for b In adlayer reconstruction Inadlayer

� �
and In adlayer structure with substitutional Mg

Inadlayer þMgIn
� �

on InN(0001) surface. The local DOS of N atom near the surface for MgIn(3/4)
and Inadlayer þMgIn is also shown by dotted lines. The energy gap obtained from bulk valence
band maximum (VBM) and conduction band minimum in the band structure of Mg-incorporated
InN surfaces is shown by shaded region. The zero of energy is set at the VBM. The vertical solid
and dashed lines denote the Fermi energies of Mg-incorporated and bare surfaces, respectively.
(Reproduced with permission from Akiyama et al. [78]. Copyright (2009) by American Physical
Society.)
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adlayer, Inadlayer, shown in Fig. 10.3a, b are favorable for the 1�100ð Þ and 11�20ð Þ
surfaces, respectively. For InN 11�20ð Þ surface, the calculated formation energy of
Inbilayer is higher than that of Inadlayer. Since the surface area per topmost atom on
InN 11�20ð Þ surface is small, the distances between In adatoms in Inbilayer on the
11�20ð Þ surface 3.02 Å become smaller than the In-In bond length of 3.28 Å in bulk
In. The energy profit by forming In bilayer on the 11�20ð Þ surface seems to be
smaller than that on the 1�100ð Þ surface due to stronger Coulomb repulsion.

It should be noted that there is a stable Mg-incorporated surfaces whose for-
mation energies are lower than those for bare surfaces over the entire In range, in
contrast to the results of nonpolar GaN 1�100ð Þ surfaces, [23] The structural features
of top In and N atoms in these Mg-incorporated reconstructions are similar to those
on InN(0001) and InN 000�1ð Þ surfaces, respectively: all In adatoms at the top layer
of the ideal surface are substituted by Mg atoms and topmost N atoms are attached
to In adatoms forming an In adlayer with In-In bonds as shown in Fig. 10.3a, b
(Inadlayer+2MgIn, hereafter). The stabilization of these structures results from the
formation of covalent In-In and In-N bonds: Compared to the ideal surface, the
energy gain of Mg incorporation is *0.5 eV per Mg atom. This comes from the
energies of In-N bond (2.0 eV) and covalent In-In bonds (1.5 eV), the energy
difference between In-N and Mg-N bonds (*−0.1 eV), and the chemical-potential
shift due to the gas-phase Mg (about −2.5 eV). Since the energy gain for Mg

Fig. 10.3 Calculated formation energies of Mg-incorporated a InN 1�100ð Þ and b InN 11�20ð Þ
surfaces (solid lines) using (4.1) as a function of lIn, along with those for bare surfaces (dashed
lines). The value of lMg is EMg � 2:5 eV, which corresponds to Mg-rich conditions
pMg ¼ 1:0� 10�7 Torr
� �

at T ¼ 725 K. Schematic top views of surfaces are also shown. Large
and small gray circles represent In and N atoms, respectively. Black circles denote Mg atoms and
light-gray circles top layer In atoms. The unit cell used in this study is shown by dashed rectangle.
(Reproduced with permission from Akiyama et al. [78]. Copyright (2009) by American Physical
Society.)

10 Novel Behaviors Related to III-Nitride Thin Film Growth 189



incorporation in InN 11�20ð Þ surface (0.16–0.60 eV per Mg atom) is the largest over
the wide range of In chemical potential, it is expected that the 11�20ð Þ plane is most
preferred for Mg incorporation.

The reduction in surface carrier concentrations and the compensation of Mg
acceptors on nonpolar planes can also be deduced from the DOS in
Mg-incorporated InN 1�100ð Þ and 11�20ð Þ surfaces. Figure 10.4 illustrates the DOS
of Inadlayer+2MgIn, along with those of stable bare surfaces such as Inbilayer and
Inadlayer. The calculated DOS demonstrates that the electronic states around the
Fermi energy in bare surfaces (dashed line in Fig. 10.4) are reduced in
Inadlayer+2MgIn (solid line in Fig. 10.4), suggesting the reduction in electron con-
centration by Mg doping. The analysis of wave functions clarifies that the reduction
in electronic states comes from the electron transfer from the In adlayer to Mg
forming the bonding states between Mg and N atoms and the formation of covalent
In-In bonds along the 11�20½ � and [0001]directions for InN 1�100ð Þ and 11�20ð Þ sur-
faces, respectively. Therefore, Inadlayer+2MgIn is stabilized and exhibits a semi-
conducting nature. It is also found that the local DOS for N atoms near the surface
for Inadlayer+2MgIn (dotted lines in Fig. 10.4) are occupied by electrons. Similar to
the case of Mg-incorporated polar surfaces, Mg acceptors located at the nonpolar
surfaces are expected to be compensated by electrons from the surfaces.

Fig. 10.4 Calculated DOS of a laterally contracted In-bilayer structure (Inbilayer) and
In-monolayer surface with two substitutional Mg atoms Inadlayer þ 2MgIn

� �
by Mg incorporation

on InN 1�100ð Þ surfaces, and for b InN 11�20ð Þ surface with In adlayer Inadlayer
� �

and In adlayer
surface with two substitutional Mg atoms Inadlayer þ 2MgIn

� �
. Note that the gap energies obtained

by the calculations of InN 1�100ð Þ and 11�20ð Þ surfaces are larger than that in the bulk case by 0.4
and 0.5 eV, respectively. The same notation as in Fig. 10.2. (Reproduced with permission from
Akiyama et al. [78]. Copyright (2009) by American Physical Society.)
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10.2 Magnesium Incorporation on Semipolar GaN 1�101ð Þ
Surfaces

The discovery of p-type conductivity in GaN using Mg doping leads to the
widespread development of GaN-based optoelectronic device, such as
light-emitting diodes, laser diodes, and photovoltaic cells [24–27]. However,
GaN-based heterostructures are usually grown along the polar [0001] direction
which has large polarization related electric field inside the multiquantum wells
[28]. The internal electric fields in the spontaneous and piezoelectric polarization
give rise to the quantum-confined Stark effect and reduce the radiative efficiency
within the quantum wells. In order to reduce the effects of internal electric fields,
there is an increasing interest in the crystal growth and device fabrication on
semipolar orientations such as 11�22ð Þ; 1�103ð Þ, and 1�101ð Þ, due to their reduced and
even negligible electric field [29–38]. It has been recently found that the incorpo-
ration of Mg is more efficient on a GaN 1�101ð Þ surface than on polar (0001) surfaces
in addition to reduction of the internal electric fields: Mg concentrations on
GaN 1�101ð Þ surface measured by SIMS are higher than that on polar (0001) surface
[36, 38]. However, the ideal GaN 1�101ð Þ surface is N-terminated surface such as
GaN 000�1ð Þ surface, in which the Mg doping efficiency is rather poor [39].
Therefore, the origins for high Mg concentrations on N-terminated GaN 1�101ð Þ
surface cannot be explained by the analogy with GaN 000�1ð Þ surface. To clarify the
microscopic origin for high Mg concentrations on semipolar 1�101ð Þ orientation,
investigations for Mg-incorporation behavior as well as the reconstructions on the
1�101ð Þ surfaces from theoretical viewpoints are necessary.
From theoretical viewpoints, the stability of Mg on GaN surfaces has been

intensively investigated to address many of the issues raised by the experimental
results. To explain the narrow window for smooth growth of GaN due to Mg on
GaN(0001) surface, [40] the relative stability of possible Mg-rich reconstructions
has been determined with respect to those of the clean surface, and the surface
structures comprising 1/2–3/4 monolayer of Mg substituting for Ga in the top layer
have been proposed in very Mg-rich conditions [17]. Sun et al. [18] have investi-
gated the energetics of Mg adsorption and incorporation at GaN(0001) and 000�1ð Þ
surfaces under a wide variety of conditions. They have clarified that the Mg
incorporation is easier at the Ga-polar surface, but high Mg coverages tend to
locally change the polarity from Ga to N polar. A thermodynamic approach with
chemical potentials appropriate for realistic growth conditions has revealed that
hydrogen stabilizes Mg-rich surface reconstructions for both GaN(0001) and
1�100ð Þ surfaces [23]. To explain high hole concentrations in Mg-doped semipolar
GaNð1�10�1Þ surface, [33] the stability of Mg-incorporated GaN 1�10�1ð Þ surface has
also been examined [41]. Furthermore, the effects of hydrogen on the incorporation
of Mg on semipolar GaN 1�101ð Þ surface have been clarified on the basis of surface
phase diagrams [42].
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Figure 10.5 shows the stable structures on GaN 1�101ð Þ surface including Mg as
functions of lGa and lMg using (4.1) under low H2 pressures, along with that on
GaN(0001) surface for comparison. The boundary lines separating different regions
correspond to chemical potentials for which two structures have the same formation
energy. Here, only one Mg atom in the unit cell is assumed because the partial
pressure of Mg during doping should be much lower than that of Ga: The chemical
potential of Mg is expected to vary much lower than the Mg-rich limit for Mg3N2

precipitation (dashed lines in Fig. 10.5). The Mg-rich limit is calculated by
assuming the surface in equilibrium with bulk Mg3N2 expressed as

3lMg þ 2 lbulkGaN � lGa
� � ¼ lbulkMg3N2

; ð10:1Þ

where lbulkGaN and lbulkMg3N2
are chemical potentials of bulk phase GaN and Mg3N2. By

taking account of different number of Mg atoms, similar formation energies
reported in the previous calculations for GaN(0001) surface [18, 23] are obtained.
These figures clearly demonstrate that Mg atoms can be incorporated when lMg is
higher than −1.6 eV, depending on lGa. For GaN 1�101ð Þ surface, as shown in
Fig. 10.5a, the surface with a substitutional Mg at one of Ga–Ga dimers (Ga–Ga
dimers+MgGa shown in Fig. 10.6a) can be stabilized for lGa ¼ �0:58 eV while the
surface with a Ga monolayer including Mg (Ga monlayer + MgGa shown in
Fig. 10.6b) is favorable under Ga-rich conditions lGa ¼ �0:58 eVð Þ. In the case of
GaN(0001) surface, the ideal surface with a substitutional Mg (ideal surface + MgGa
in Fig. 10.5b) is favorable over the wide range of lGa if lMg is lower than −0.5 eV.

Fig. 10.5 Stable structures on Mg-incorporated a GaN 1�101ð Þ and b GaN(0001) surfaces as
functions of lGa and lMg for low H2 pressures (lH ¼ ð1=2ÞEH2 � 2:3 eV, where EH2 is the energy
of H2 molecule). The stable regions of Mg-incorporated surfaces, such as Ga-Ga dimer+MgGa and
Ga monlayer+MgGa are emphasized by shaded area. Geometries of Mg-incorporated GaN 1�101ð Þ
surfaces are shown in Fig. 10.6. Dashed lines denote the Mg-rich limit conditions expressed by
(10.1). lbulkGa and lbulkMg are the energies of bulk Ga and Mg, respectively. (Reproduced with
permission from Akiyama et al. [42]. Copyright (2010) by American Physical Society.)
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In addition, the stable temperature range of the Mg-incorporated surface under
the N-rich limit can be estimated by comparing the value of lMg at the boundary
line in Fig. 10.5 with the gas-phase chemical potential of Mg atom using (2.63).
When the pressure of Mg is lower than 1:0� 10�2 Torr, the transition temperatures
are found to be 1010–1400 K for GaN 1�101ð Þ surface and 1050–1430 K for GaN
(0001) surface: For low H2 pressures, Mg atoms can be incorporated regardless of
the growth orientation, indicating that high Mg concentrations can be obtained in
both 1�101ð Þ and (0001) orientations in the case of molecular beam epitaxy (MBE)
growth. However, this results differ from the SIMS measurements of GaN fabri-
cated by the MOVPE growth, in which the concentrations of Mg on GaN 1�101ð Þ
surface is higher than that on GaN(0001) surface [36, 38]. Due to the presence of
hydrogen, the incorporation behavior of Mg in the case of metal-organic
vapor-phase epitaxy (MOVPE) growth is different from that in the MBE growth,
as explained below.

Figure 10.7 depicts the stable structures on GaN 1�101ð Þ surface including Mg
atoms as functions of lGa and lMg using (4.1) under high H2 pressures, along with
that on GaN(0001) surface. These diagrams demonstrate that Mg atoms can be
incorporated, but there is remarkable orientation dependence in the stable regions of
the Mg-incorporated surfaces. As shown in Fig. 10.7a, for GaN 1�101ð Þ surface the
H-terminated surface with substitutional Mg (4N–H + MgGa) are stabilized over the
wide chemical potential range of Ga. Although the stable Mg-incorporated structure
for high H2 pressures is different from those for low H2 pressures, trends in the
stable region of Mg-incorporated surfaces among the phase space spanned by the
chemical potentials are similar with each other. In contrast, for GaN(0001) surface
the stable region of Mg- incorporated surfaces is drastically reduced by the presence
of hydrogen. For lMg � � 0:91 eV, the H-terminated surface with N adatom
[Nad–H + Ga–H in Fig. 10.7b] is stabilized over the wide range of lGa. This is

Fig. 10.6 Schematic top views of Mg-incorporated GaN 1�101ð Þ surfaces with a substitutional Mg
in a Ga-Ga dimers and b Ga monolayer, which are stabilized under N-rich and Ga-rich conditions,
respectively. Large and small gray circles represent Ga and N atoms, respectively. The Mg atoms
are represented by black circles. The positions of H atoms in the H terminated surface (4N–H
+MgGa in Fig. 10.5) are marked by crosses in the Mg-incorporated surface with Ga-Ga dimers.
(Reproduced with permission from Akiyama et al. [42]. Copyright (2010) by American Physical
Society.)
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because strong Ga–N and N–H bonds are formed in the Nad–H + Ga–H, which
simultaneously satisfies the EC rule. [19] Under N-rich conditions, the energy range
of lMg in which the Mg-incorporated surface is stabilized decreases due to the
stabilization of the Nad–H + Ga–H.

We can estimate surface phase diagrams for Mg incorporation as functions of
temperatures and pressure for phase transition between Mg-incorporated and
Mg-free surfaces under N-rich limit, and discuss the orientation dependence in the
stability of Mg-incorporated surfaces under high H2 pressures more quantitatively.
Figure 10.8 shows the temperatures for phase transition on GaN 1�101ð Þ and GaN
(0001) surfaces at pH2 ¼ 76 Torr. For GaN 1�101ð Þ surface, the temperatures at
pH2 ¼ 76 Torr (1090–1530 K) are almost similar to those at pH2 ¼ 1:0� 10�8 Torr
(1010–1400 K), as shown in Fig. 10.8a. On the contrary, as shown in Fig. 10.8b,
the transition temperatures in GaN(0001) surface at pH2 ¼ 76 Torr are ranging 930–
1310 K, which are remarkably lower than those at pH2 ¼ 1:0� 10�8 Torr (1050–
1430 K). The pressure dependence in the transition temperatures for GaN(0001)
surface originates from the difference in the boundary line between the surfaces
with and without Mg, leading to the orientation dependence in the transition
temperature. The lower temperatures for the phase transition on GaN(0001) thus
suggest that under the MOPVE growth around 1300 K the incorporation of Mg
atoms on semipolar 1�101ð Þ orientation is rather efficient than that on the polar
(0001) orientation. Although the kinetics such as adsorption and desorption
behavior of Mg during the growth processes should be verified, this efficient Mg
incorporation results in high Mg concentrations on GaN 1�101ð Þ surface, qualita-
tively consistent with the experimental results by the SIMS [36, 38].

Fig. 10.7 Stable structures on Mg-incorporated a GaN 1�101ð Þ and b GaN(0001) surfaces as
functions of lGa and lMg for high H2 pressure (lH ¼ ð1=2ÞEH2 � 1:05 eV, where EH2 is the energy
of H2 molecule). The notation is the same as in Fig. 10.5. (Reproduced with permission from
Akiyama et al. [42]. Copyright (2010) by American Physical Society.)
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10.3 Carbon Incorporation on Semipolar GaN 1�101ð Þ
Surfaces

It is well known that the most widely used dopant for p-type GaN is Mg. Carbon
also acts as a p-type dopant if it is incorporated on the nitrogen lattice site [43].
However, successful p-type doping has never been reported by carbon doping on
conventional GaN(0001) substrate. Previous experiments have reported that the
carbon doping on this orientation results in the formation of deep levels [44]. There
has been an increasing interest in the crystal growth and device fabrication on
semipolar orientations [29–38, 45] owing to their reduced and even negligible
electric field. In addition to eliminating the effects of polarization induced electric
fields, p-type conductivity is successfully obtained by the carbon doping on
semipolar GaN 1�101ð Þ surface. [34, 37] These experimental findings thus suggest
that the difference in doping behavior between (0001) and 1�101ð Þ orientations can
be attributed to the polarity of these sur- faces: the ideal GaN(0001) and 1�101ð Þ
surfaces are basically terminated by Ga and N faces, respectively, which results in
the difference in the substitution efficiency of carbon on the nitrogen lattice sites.

The difference in carbon incorporation behavior depending on the surface ori-
entation is clarified by examining the stability and structure of carbon incorporated
surfaces [42]. Figure 10.9 depicts the diagrams of stable structures on GaN(0001)

Fig. 10.8 Surface phase diagram of Mg-incorporated and Mg-free surfaces in the N-rich limit
(lGa � lbulkGa ¼ �1:24 eV, where lbulkGa is the energy of bulk Ga) as a function Mg pressure on
a GaN 1�101ð Þ and b GaN(0001) surfaces. The Mg-incorporated surfaces are stabilized in the
regions emphasized by shaded area. Schematic views of surface structures are also shown. Large
and small gray circles rep- resent Ga and N atoms, respectively. The H and the Mg atoms are
represented by tiny and larger black circles, respectively. The growth temperature of GaN by the
MOVPE in [35, 38] is attached by dashed lines. (Reproduced with permission from Akiyama et al.
[42]. Copyright (2010) by American Physical Society.)
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and 1�101ð Þ surfaces including carbon as functions of lGa and lC. Here, the value of
hydrogen chemical potential lH ¼ ð1=2ÞEH2 � 1:05 eV (EH2 is the total energy of
H2 molecule) obtained by the ideal diatomic gas model is used to calculate the
surface formation energy in (4.1). The value of �1:05 eV corresponds to the
MOVPE growth. These diagrams demonstrate that carbon-free surfaces, which are
described in Sect. 4.2, are stabilized over the wide range of lGa and lC. However, a
carbon atom can be incorporated under C-rich condition both for GaN(0001) and
1�101ð Þ surfaces. Besides, there is an orientation dependence in the stabilization of
carbon incorporated structures. In the case of the GaN(0001) surface, as shown in
Fig. 10.9a, the surface with CH3 and H-terminated N adatoms (CH3 + Nad–H) is
stabilized for lC � lgraphiteC � 1:24 eV (lgraphiteC is the chemical potential of graphite)
under N-rich and moderate Ga-rich conditions. This structure corresponds to the
substitution of NH2 by CH3 in the hydrogen terminated surface with NH2 and N
adatoms (Nad–H + NH2), implying that under C-rich conditions C atoms can be
preferentially adsorbed on the N lattice site on the GaN(0001) surface. In contrast,
the chemical potential range for the stabilization of the carbon incorporated
GaN 1�101ð Þ surface shown in Fig. 10.9b is larger than that on the GaN(0001)
surface. The surface with CH2 at the Ga lattice site (5N–H + NH2 + CH2) shown in
Fig. 10.10b is stabilized for lC � lgraphiteC � 1:24 eV under N-rich conditions, and
those with CH2 at the N lattice site (4N–H + NH2 + CH2 and 4N–H + Ga–H + CH2)
shown in Fig. 10.10c, d are stable for lC � lgraphiteC ¼ 0:5 eV under Ga-rich con-
ditions. Therefore, p-type conductivity on the GaN 1�101ð Þ surface can be realized
via the formation of 5N–H + NH2 + CH2 (4N–H + NH2 + CH2 and 4N–H + Ga–H

Fig. 10.9 Stable structures of carbon incorporated a GaN(0001) and b GaN 1�101ð Þ surfaces as
functions of Ga chemical potential lGa and C chemical potential lC for high H2 pressure
conditions (lH ¼ ð1=2ÞEH2 � 1:05 eV, where EH2 is the energy of H2 molecule). The stable
regions of carbon incorporated surfaces are emphasized by shadedareas. Geometries of
GaN 1�101ð Þ surfaces are shown in Fig. 10.10. lbulkGa and lgraphiteC are the energies of bulk Ga and
graphite, respectively. (Reproduced with permission from Akiyama et al. [79]. Copyright (2011)
by the Japan Society of Applied Physics.)
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+ CH2) under N-rich (Ga-rich) conditions. The orientation dependence in the sta-
bility of carbon incorporated surfaces is due to the formation of Ga–C (N–C) bonds.
The energy profits caused by two Ga–C and N–C bonds (5.8 and 5.0 eV, respec-
tively) in the carbon incorporated GaN 1�101ð Þ surface are larger than that of a single
Ga–C bond (3.1 eV) on the GaN(0001) surface. The contribution of excess or
deficit electrons on the surface dangling bonds is negligible because the carbon
incorporated surfaces obtained in this study satisfy the EC rule [19]. It should be
noted that all the carbon incorporated structures are thermodynamically unstable
against the formation of graphite. However, the conditions of lC higher than that of
graphite would be realized during the growth due to the higher lC in C2H4 and
CCl4, which are used as the source gases [34, 37]. It seems that the high reaction
energy of graphite from these source gases prevents the graphite formation during
the growth of GaN.

Furthermore, by using surface phase diagrams, we can estimate the temperature
for carbon desorption in the N-rich limit, and discuss the orientation dependence in
the stability of carbon incorporated surfaces more quantitatively. Figure 10.11
shows the calculated surface phase diagrams for the desorption of carbon atoms on
GaN(0001) and 1�101ð Þ surfaces as functions of temperature and carbon pressure
obtained by using (2.63). These surface diagrams imply that for both GaN(0001)
and 1�101ð Þ surfaces the incorporation of carbon during the growth is efficient for
low temperatures. For the GaN(0001) surface, the temperatures for the desorption
of C on CH3 + Nad–H range from 1550–2050 K depending on C pressure. In

Fig. 10.10 Schematic top views of hydrogen terminated GaN 1�101ð Þ surfaces with a three N–H
bonds and NH2 (7N–H + NH2 in Fig. 10.9), b CH2 at the Ga site (5N–H + NH2 + CH2), c NH2 and
CH2 at the N site (4N–H + NH2 + CH2), and d Ga–H and CH2 at the N site (4N–H + Ga–H +
CH2). Large, small, and tiny circles represent Ga, N, and H atoms, respectively. The C atoms
represented by shaded circles are labeled. The unit cell used in this study is shown by a dashed
rectangle. (Reproduced with permission from Akiyama et al. [79]. Copyright (2011) by the Japan
Society of Applied Physics.)
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contrast, the desorption temperatures of C on 5N–H + NH2+CH2 range from 1660
to 2220 K, which are higher than those on the GaN(0001) surface. This temperature
difference leads to the orientation dependence in the stability under growth con-
ditions. Considering the kinetics such as surface migration, more carbon atoms on
the GaN(0001) surface compared to the GaN 1�101ð Þ surface could desorb during the
growth processes. It is thus expected that the concentration of C atoms on the
GaN 1�101ð Þ surface is higher than that on the GaN(0001) surface. This high carbon
concentrations result in the realization of p-type doping only on the GaN 1�101ð Þ
surface. It should be noted that the most stable adsorption site under N-rich con-
dition [5N–H + NH2 + CH2 in Fig. 10.10b] is located at the Ga lattice site. If this C
atom is stably located at the Ga lattice site during the growth processes, p-type
conductivity cannot be explained by this structure. To find the percentage of carbon
that can be ionized and release holes on the GaN 1�101ð Þ surface, detailed adsorption
and desorption behaviors of carbon atoms during the growth processes should be
clarified.

10.4 Stability of Nitrogen Incorporated Al2O3 Surfaces

For III-nitride compounds, sapphire (Al2O3) has been widely used as a substrate for
their epitaxial growth. Furthermore, it is well known that the pregrowth treatment of
the substrate such as the nitridation strongly affects the nucleation of materials,

Fig. 10.11 Calculated surface phase diagrams of carbon incorporated a GaN(0001) and
b GaN 1�101ð Þ surfaces as functions of temperatures and carbon pressure in the N-rich limit
(lGa � lbulkGa ¼ �1:24 eV, where lbulkGa is the energy of bulk Ga). The carbon incorporated GaN
surfaces are stabilized in the regions emphasized by shaded areas. Schematic views of surface
structures are also shown. The growth temperature in [34, 37] is shown by dashed lines. The
dashed line in b is the phase boundary between carbon free and incorporated surfaces on GaN
(0001) surface for comparison. (Reproduced with permission from Akiyama et al. [79]. Copyright
(2011) by the Japan Society of Applied Physics.)
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leading to the improvements of structural and optical properties in epitaxial GaN
films [46–49]. The initial nitridation of sapphire surface is now one of essential
techniques to fabricate high-quality nitrides in MOVPE, [46, 48, 50–56] MBE, [47,
49, 57–61] and hydride vapor phase epitaxy (HVPE) [62].

The nitridation of sapphire is usually performed by the exposure of sapphire
substrate to NH3 and nitrogen plasma in the MOVPE and MBE, respectively. The
analysis of nitrided layers on Al2O3(0001) surface in the MOVPE has reported the
formation of amorphous aluminum oxynitride layer, [50, 51] while several studies
have shown the formation of relaxed crystalline AlN [52, 53]. The overvations
using TEM in the MBE on the (0001) surface have reported the formation of
epitaxial AlN [57, 58]. The formation of AlN and NO molecules [59, 60] as well as
oxynitride compound [61] has also been suggested in the MBE. More recently, the
nitridation on the 1�102ð Þ orientation in the MOVPE has been found to improve the
crystal quality and surface morphology of epitaxial GaN grown along nonpolar
11�20ð Þ direction [54, 55]. From these experimental results, there is a general
consensus in which N atoms are incorporated into sapphire surface layers. Despite
these experimental findings, there have been few theoretical investigations for the
stability and structure of nitrogen incorporated Al2O3 surfaces [63].

10.4.1 Al2O3(0001) Surface

Figure 10.12 depicts schematics of nitrogen incorporated Al2O3(0001) surface. The
ideal (0001) plane is composed of two Al layers and one O layer, and each Al (O
layer in the 1� 1 lateral unit is constructed of one Al atom (three O atoms). The
1� 1 surface terminated by single Al layer shown in Fig. 10.12a (Al2O3–Al–I) is
found to be the most stable surface structure. It is thus expected that Al2O3–Al–I
corresponds to the 1� 1 surface observed in the experiments for temperatures
lower than 1400 K [64]. The stability of Al2O3–Al–I can be attributed to its stoi-
chiometry where the stoichiometry of Al and O at the top three surface layers is
identical to that in bulk Al2O3. There are no excess/deficit electrons at the surface
and no electric dipole moment along the [0001] direction. The adsorption of an N
atom is verified by placing one N adatom at various positions on the Al2O3–Al–I.
There are two symmetrically inequivalent configurations for the surface with an N
adatom. The most stable configuration is constructed by the N adatom located
above the O atom in the second layer, so that there are three stable adsorption sites
in the 1� 1 unitcell (A1, A2, and A3 sites in Fig. 10.12a). The optimized geometry
(Al2O3–Nad) shown in Fig. 10.12b indicates the formation of covalent N–O bond.
Another configuration is composed of the N adatom located above the outermost Al
atom (B in Fig. 10.12a) but its energy is 2.03 eV higher than that of the stable
configuration. In Al2O3–Nad, there is a single covalent N–O bond between the N
adatom and one of O atoms in the second layer along the [0001] direction. On the
other hand, no covalent Al–N bond is recognized for the N adatom located above
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the outermost Al atom. This is because there are few electrons around the outermost
Al atom. The adsorption of N atom with the covalent N–O bond in Al2O3–Nad is
exothermic, but the adsorption energy ð�0:55 eV) is too small for the adsorption of
N atoms under the pregrowth conditions. The nitrogen substitution for O atoms in
the second layer shown in Fig. 10.12c–e can be considered as possible surface
structures during the nitridation. Furthermore, the desorption of O atoms as well as
the substitution is necessary to form AlN layer from Al2O3. The surface where three
oxygen atoms located in the second layer of Al2O3–Al–I desorb and N atoms
substitute for those in the fifth layer (AlN–Al2O3) shown in Fig. 10.12f is examined
as a representative of surface structures with oxygen desorption.

Figure 10.13 shows stable surface structures on Al2O3(0001) surface as functions
of lO and lN. There are several stable structures appear depending on the pregrowth
conditions. The stoichiometric Al2O3–Al–I is stabilized over the wide range of
O-rich and N-poor conditions, even though Al2O3–Nad is favorable in a very narrow
chemical potential range (lN � lNatom

� 0:55, where lNatom
is the energy of N atom)

eV. The surfaces with one and two substitutional N atoms shown in Fig. 10.12c, d,
respectively, are always metastable over the entire chemical potential range. When
lO satisfies lO � lO2

� �� lN � lNatom

� �� � 1:02 eV (lO2
is the energy per atom of

O2 molecule) and lO � lO2
� � 2:86 eV, three O sites (in the 1� 1 unit cell) at the

second layer are completely replaced by N atoms (Al2O3–3Nsub) as shown in
Fig. 10.12e. Furthermore, AlN–Al2O3 is found to be stabilized under N-rich
and O-poor conditions satisfying 2 lO � lO2

� �� lN � lNatom

� �� � 3:88 eV and

Fig. 10.12 Schematic top views of a the stoichiometric Al-terminated Al2O3(0001)surface
(Al2O3–Al-I), and the (0001) surfaces with b one N adatom (Al2O3–Nad), c one substitutional N
atom, d two substitutional N atoms, e three substitutional N atoms (Al2O3–3Nsub), and (f) oxygen
desorption (AlN-Al2O3). The 1� 1 unit cell of Al2O3(0001) and AlN(0001) surfaces are enclosed
by dashed and dotted lines. The adsorption sites of N adatom on the Al2O3–Al-I are denoted by
A1, A2, A3, and B. (Reproduced with permission from Akiyama et al. [63]. Copyright (2012) by
Elsevier.)
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lO � lO2
� � 2:86 eV. Since the value of lO � lO2

¼ �2:86 eV corresponds to
the O2 pressure of � 102 Torr at 1300 K, it is expected that the desorption of oxygen
from Al2O3(0001) surface occurs under the nitridation conditions. The oxygen
desorption can be interpreted in terms of the decrease in energy by forming Al–N
bonds instead of Al–O bonds.

Another important structural feature of AlN–Al2O3 is found in the remaining
first and second layers. The positions of substitutional N atoms become quite
different from those of O sites on Al2O3(0001)surface. Consequently, these layers
consist of Al and N atoms each of which in-plane position is almost identical to
each Al and N site on AlN(0001) surface. This leads to the formation of AlN layers
whose in-plane alignment satisfies AlN 1�100½ �kAl2O3 11�20½ �. The formation of AlN
layers with this in-plane alignment also implies that the alignment between epi-
taxially grown nitrides on the AlN layer and Al2O3(0001)surface becomes 1�100½ �
nitrides 11�20½ �k sapphire. Therefore, the improvement of structural and optical
properties of nitrides after the nitridation [46–49] can be attributed to AlN layers
which are generated by the oxygen desorption. Indeed, the formation of AlN layers
is consistent with the experiments, [52, 53, 57–60] and the calculated in-plane
alignment agrees well with those obtained between GaN and sapphire substrate
[65, 66].

10.4.2 Al2O3 1�102ð Þ Surface

Similar to Al2O3(0001) surface, the adsorption of an N atom by placing one N atom
at various points on the Al2O3–O–I shown Fig. 10.14a occurs. The Al2O3 1�102ð Þ
surface is composed of two Al layers and three O layers each of which in the 1� 1

Fig. 10.13 Stable structures
of nitrogen incorporated
Al2O3(0001) surface as
functions of oxygen chemical
potential lO and nitrogen
chemical potential lN. The
pressure of O2 molecule (N
atoms) at 1300 K is related to
lO lNð Þ using the ideal gas
model. (Reproduced with
permission from Akiyama
et al. [63]. Copyright (2012)
by Elsevier.)
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lateral unitcell is constructed of two atoms, leading to the alternately stacked-layer
unit expressed as O2–Al2–O2–Al2–O2. The 1� 1 surface terminated by single O
layer shown in Fig. 10.14a (Al2O3–O–I) is the most stable irrespective of the
chemical potentials of constituting elements. In this structure, the stoichiometry of
Al and O at the top five surface layer is identical to that in bulk Al2O3. It is thus
expected that this reconstruction corresponds to the 1� 1 surface observed in the
experiments for temperatures lower than 1700 K [67]. The most stable adsorption
sites are located above the outermost O atoms (A1 and A2 in Fig. 10.14a) and the
optimized geometry (Al2O3–Nad) shown in Fig. 10.14b indicates the formation of a
covalent N–O bond. The other adsorption sites are found be located above the O
atom in the third layer (B1 and B2 in Fig. 10.14a). Although a covalent N–O bond is
formed between the N adatom at B1 (B2) site and the O atom in the third layer, the
energies of the surfaces with an N adatom at these sites are 0.16 eV higher than
those at A1 and A2 sites. The adsorption of an N adatom at A1 and A2 sites is
exothermic and its adsorption energy is �0:55 eV. The high adsorption energy,
however, indicates that the surface with an N adatom is not stabilized under the
pregrowth conditions. The nitrogen substitution for the outermost O atoms shown
in Fig. 10.14c, d is thus taken into account as possible surface structures during the

Fig. 10.14 Schematic top views of a the stoichiometric O-terminated Al2O3 1�102ð Þ surface
(Al2O3–O–I), and the 1�102ð Þ surfaces with b one N adatom (Al2O3–Nad), c one substitutional N
atom, (d) two substitutional N atoms (Al2O3–2Nsub), and e oxygen desorption (AlN-Al2O3). The
notation is the same as that in Fig. 10.12. The ideal positions of Al and N atoms at the top layer of
Al2O3 1�102ð Þ surface is represented by dotted lines. The adsorption sites of N adatom on the
Al2O3–O–I are denoted by A1, A2, B1, and B2. (Reproduced with permission from Akiyama et al.
[63]. Copyright (2012) by Elsevier.)
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nitridation. To verify the oxygen desorption, the surface where oxygen atoms in the
top layer desorb and N atoms substitute for those in the third layer (AlN–Al2O3)
shown in Fig. 10.14e is also considered.

Figure 10.15 shows the stable surface structures of Al2O3 1�102ð Þ surface as
functions of lO and lN, representing the stabilization of nitrogen incorporated
surfaces. The stoichiometric Al2O3–O–I is the most stable over the wide range of
O-rich and N-poor conditions. However, two oxygen sites (in the 1 � 1 unit cell) at
the top layer of the surface are replaced by N atoms (Al2O3–2Nsub shown in
Fig. 10.14d) under moderate and O-poor conditions satisfying lO � lO2

� ��
lN � lNatom

� �� � 0:50 eV and lO � lO2
� � 3:35 eV. Furthermore, Al2O3 is

stabilized under N-rich and O-poor conditions satisfying 2 lO � lO2

� ��
lN � lNatom

� �� � 3:84 eV and lO � lO2
� � 3:35 eV. The pressure of O2 mole-

cule at 1300 K corresponding to lO � lO2
¼ �3:35 eV is estimated to be

� 1:0 Torr, so that even on Al2O3 1�102ð Þ surface the desorption of oxygen cer-
tainly occurs during the nitridation. We note that the surface with an N adatom
(Al2O3–Nad) shown in Fig. 10.14b is stabilized in a very narrow chemical potential
range lN � lNatom

� � 0:55 eV
� �

. The surface with one substitutional N atom
shown in Fig. 10.14c is always metastable over the entire chemical potential range.

Consequently, the remaining first and second layers in AlN–Al2O3 consist of
two Al and two N atoms, respectively. Although in-plane positions of N atoms in
AlN–Al2O3 are slightly different from those on AlN 11�20ð Þ surface (dashed line in
Fig. 10.14e), the layer separation between first and second layers of AlN–Al2O3

ð� 0:4 ÅÞ is close to that on AlN 11�20ð Þ surface (0.18 Å). Therefore, the oxygen
desorption and nitrogen substitution can be regarded as a formation of one
monolayer of nonpolar AlN layer whose in-plane alignment satisfies AlN½0001�k
Al2O3 1�101½ �. From this in-plane alignment, we can also deduce that the in-plane

Fig. 10.15 Stable structures
of nitrogen incorporated
Al2O3 1�102ð Þ surface as
functions of oxygen chemical
potential lO and nitrogen
chemical potential lN. The
notation is the same as that in
Fig. 10.13. (Reproduced with
permission from Akiyama
et al. [63]. Copyright (2012)
by Elsevier.)
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alignment between epitaxially grown nitrideson AlN layers and Al2O3 1�102ð Þ sur-
face is [0001] nitrides 1�101½ �k sapphire, consistent with the experimental results
[65, 66].

10.4.3 Surface Phase Diagrams

In order to discuss the stability of nitrogen incorporated Al2O3 surfaces under
realistic conditions, we furthermore estimate temperatures for structural change by
comparing the adsorption energy of an NH3 molecule with chemical potentials
lgasðp; TÞ in (2.63). Since the calculated adsorption energies of H atoms for
hydrogen terminated Al2O3 surfaces are found to be ranging from �0:07 to 0:61 eV
per H atom, it is likely that the reactions for hydrogen adsorption are almost
endothermic and surfaces including NH3 fragments are metastable under the
nitridation conditions. This implies that the decomposition of Al2O3 and AlN
induced by hydrogen is not crucial at the initial stage of nitridation under low H2

pressures [68]. We thus focus on the structural change between Al2O3–Al-I and
AlN–Al2O3 on Al2O3(0001) surface caused by NH3 molecules. The substitution
and desorption of O atoms by NH3 molecules for Al2O3–I under NH3 ambient
conditions is considered through a surface reaction expressed as

Al2O3�Al�lþNH3 ! AlN�Al2O3 þ 9
2
H2Oþ 3

4
O2; ð10:2Þ

and its reaction energy per NH3 is compared with a net chemical potential
lNH3

� ð3=2ÞlH2O � ð1=4ÞlO2
, where lNH3

; lH2O, and lO2
are gas-phase chemical

potentials of NH3, H2O, and O2 molecules given by (2.63), respectively. The
reaction in (10.2) is found to be endothermic and the reaction energy (per NH3) is
�5:82 eV. Figure 10.16a shows the calculated surface phase diagram on
Al2O3(0001) surface as functions of temperature and NH3 pressure pNH3 obtained
by this comparison. Here, we assume low pressures 1:0� 10�8 Torrð Þ for lH2O and
lO2

since the amount of supplied NH3 molecules is considered to be much larger
than those of generated H2O and O2 molecules. The temperature for oxygen des-
orption leading to the formation of AlN–Al2O3 is 1330 K at pNH3 ¼ 1:0�
10�8 Torr and decreases down to 605 K at pNH3 ¼ 1:0� 10�2 Torr. This surface
phase diagram clearly shows that oxygen atoms at the second layer desorb and N
atoms substitute for the remaining O sites within the experimental temperature
range ð1000� 1300 K) [46–53, 56–58, 62].

Similar temperature and pressure dependence to that on Al2O3(0001) surface can
be found on Al2O3 1�102ð Þ surface. In the case of Al2O3 1�102ð Þ surface, we can
consider a surface reaction written as
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Al2O3Al�Iþ 2NH3 ! AlN�Al2O3 þ 3H2Oþ 1
2
O2: ð10:3Þ

The reaction energy per NH3 is compared with a net chemical potential
lNH3

� ð3=2ÞlH2O � ð1=4ÞlO2
. The reaction in (10.3) is also endothermic with the

reaction energy (per NH3) of �5:78 eV. Figure 10.16b shows the calculated surface
phase diagram on Al2O3 1�102ð Þ surface as functions of temperature and pNH3 . The
temperature for oxygen desorption leading to the formation of AlN–Al2O3 is
1325 K at pNH3 ¼ 1:0� 10�8 Torr and decreases down to 595 K at
pNH3 ¼ 1:0� 10�2 Torr. This surface phase diagram thus implies that oxygen
atoms at the top layer desorb and N atoms substitute for those of third layer within
the experimental temperature range ð1300� 1400 K) [54, 55]. Since the adsorption
energy difference between Al2O3(0001) and 1�102ð Þ surfaces for NH3 molecules is
small, there is little orientation dependence in the temperature range for AlN layer
formation.

10.5 Chemical and Structural Change During Nitridation
of Al2O3 Surfaces

In the preceding section, the stability of nitrogen incorporated Al2O3 surfaces has
been systematically investigated on the basis of surface phase diagrams. The cal-
culated surface energies demonstrate that the outermost O atoms of Al2O3 surfaces

Fig. 10.16 Surface phase diagrams as functions of temperature and pressure of NH3 molecule
pNH3 on a Al2O3(0001) and b Al2O3 1�102ð Þ surfaces. We here assume low pressures
1:0� 10�8 Torrð Þ to calculate gas-phase chemical potentials of O2 and H2O. Top views of
surface structures are also shown. Experimental temperature ranges for the nitridation on
Al2O3(0001) [46–53, 56, 57, 61] and Al2O3 1�102ð Þ [54, 55] substrates are attached in temperature
axis. (Reproduced with permission from Akiyama et al. [63]. Copyright (2012) by Elsevier.)
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desorb and N atoms substitute for O atoms to form AlN layers under pregrowth
conditions. The desorption of oxygen which leads to the formation of AlN layers
has been found to be crucial for nitridation processes of Al2O3 substrates. Despite
these findings, the atomic-scale understanding of chemical and structural change
caused by nitrogen on Al2O3 surfaces is still unclear. In contrast, previous theo-
retical investigations on the surface in metal-oxide materials such as Al2O3 were
mainly focused on surface stoichiometries and structures under realistic conditions
[69–74]. The structures and properties have been found to change drastically
depending upon the chemical potential of gas-phase species in equilibrium with the
surface at different temperatures However, there are still open questions of how
nitrided films with different stoichiometry compared with Al2O3 are formed during
the nitridation. In this section, we discuss nitridation processes of Al2O3 surfaces
taking account of realistic conditions such as temperature and pressure of gas-phase
species [75].

Figure 10.17 shows the calculated surface energy under typical nitridation
conditions (T= 1400 K, pN ¼ 1� 10�4 Torr, and pO2 ¼ 1� 10�8 Torr as a func-
tion of total number of atoms Nat ¼

P
nij j, which corresponds to the number of

elemental processes during nitridation. Here, the configurations are labeled as
nN=nO=nAlx, where nN; nO, and nAl are the numbers of additional N, O, and Al
atoms with respect to the reference surface, respectively. As a reference surface, we
use the stoichiometric Al-terminated and O-terminated surface structures for (0001)
and 1�102ð Þ orientations, respectively [71, 73]. The letter x specifies the different
configurations with the same ni, and the configurations are labeled simply as
nN=nOx when nAl is zero. The stability of surfaces with different stoichiometries in
equilibrium with the gas phase is determined by the surface energy in (4.1) as
functions of chemical potentials. The surface energy Esurf nN=nO=nAlxð Þ at tem-
perature T and pressure pi of the ith type of atoms is given by

Esurf nN=nO=nAlxð Þ ¼ Etot nN=nO=nAlxð Þ � Eref �
X

i
nili pi;Tð Þ; ð10:4Þ

where Etot nN=nO=nAlxð Þ and Eref are the total energy of the surface under consid-
eration and of the reference surface. ni is the number of excess ith-type atoms with
respect to the reference and li is the chemical potential at given temperature and
pressure given by (2.63). Here, we assume that the chemical potential of Al is in
equilibrium with bulk Al2O3. It is found that the surface energy decreases with the
number of atoms and takes the lowest value for Nat ¼ 8 and 5 on (0001) and 1�102ð Þ
orientations, respectively. The negative values of Esurf for large Nat indicate that
structural changes toward the stable structures from the initial stoichiometric sur-
faces Esurfð0=0aÞ ¼ 0 eV½ � proceed under nitridation conditions.

For both orientations, these stable surfaces no longer maintain the stoichiometry
of Al2O3. The inset of Fig. 10.17a shows the stable configuration, where three N
atoms are substituted for O atoms and in total five O atoms desorb from the surface
on (0001) orientation. For Al2O3 1�102ð Þ surface shown in Fig. 10.17b, two N atoms
are substituted for O atoms and in total three O atoms desorb from the surface. If we
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take the stoichiometry of AlN and Al2O3 into account, the incorporation of two N
atoms and desorption of three O atoms is at least required for AlN formation. These
stable surfaces satisfy this condition and all the O atoms in the second anion layer
are completely replaced by N atoms, so that they can be regarded as AlN layers
generated by one monolayer (ML) of Al2O3. Furthermore, an important structural
feature is also found for the interface between resultant AlN layer and the substrate.
The insets of Fig. 10.17 show the stable structures 3=�5a and 3=�3a on (0001)
and 1�102ð Þ orientations, which satisfy the in-plane alignment written as
AlN 1�100½ �kAl2O3 11�20½ � and AlN½0001�kAl2O3 1�101½ �, respectively, as discussed in
Sect. 10.4.

Moreover, another important feature of Esurf in Fig. 10.17 is related to the most
stable configuration for each nN=nO with N atoms. The most stable configurations
labeled as nN=nOa in Fig. 10.17 contain substitutional N atoms beneath the surface.
On the other hand, the energy of the surface with N atoms (labeled nN=nOb) at the
topmost layer are 1.32 eV higher than that with N atoms beneath the surface. The
surfaces with a substitutional N atom at the topmost layer are therefore metastable.
The stabilization of a nitrogen incorporated surface is due to the formation of
amphoteric (both covalent and ionic) Al–N bonds, whose bond energy is larger than
that of Al–O bonds. The number of Al–N bonds in the substitutional N atom
beneath the surface is larger than that in the N atom at the topmost layer. Therefore,
the stabilization of N atoms beneath the surface is a driving force toward the

Fig. 10.17 Calculated surface energy of a Al2O3(0001) and b Al2O3 1�102ð Þ surfaces as a function
of total number of adsorption and desorption atoms Nat ¼

P
nij j. Only data for

�1:5�Esurf � 4:0 eV are displayed. Triangles correspond to the surfaces without N atoms, and
squares, diamonds, circles, hexagons, and pentagons to the surfaces with one, two, three, four, and
five nitrogen atoms in the unit cell, respectively. The surfaces with Al desorption are represented
by inverted triangles. Patterns of symbols are defined by the difference between the number of
incorporated N atoms and that of desorbing O atoms. Insets represent top and side views of stable
surfaces with N atoms (3=�5a and 2=�3a on Al2O3(0001) and Al2O3 1�102ð Þ surfaces,
respectively) and without N atom ð0=0aÞ, along with the in-plane directions. Large and filled
(empty) small circles represent Al and O (N) atoms, respectively. (Reproduced with permission
from Akiyama et al. [75]. Copyright (2013) by American Physical Society.)
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formation of AlN layers, and structural changes such as rearrangement of O and N
atoms as well as oxygen desorption and nitrogen adsorption are substantial pro-
cesses during the nitridation.

The calculated structural change demonstrates several elemental processes
leading to the rearrangements of O and N atoms. Figure 10.18 shows each ele-
mental process, its reaction energy Er, and energy barrier Eb on Al2O3(0001)
surface obtained by the nudged elastic band (NEB) method [76]. The formation of
surface with N atoms beneath the surface from that with N atoms at the topmost
layer consists of the outward diffusion of O atom followed by the inward diffusion
of N atom. During this mechanism the surface becomes the intermediate structure in
which both O and N atoms are located at the topmost layer. This structure appears
after the outward diffusion of O atom located beneath the surface and consequently
an oxygen vacancy is generated beneath the surface. The energy barrier for the
diffusion is 0:91� 2:83 eV depending on the initial configuration. Owing to this
oxygen vacancy the energy of intermediate structure is higher than that of the initial
structure by 0:10� 1:45 eV. The surface transforms into the stable structure after
the inward diffusion of N atom from the intermediate structure. The energy of
transition state for N inward diffusion is higher than that of the intermediate state by
0:21� 1:36 eV. Since the energy of transition state for N indiffusion is lower than
that for O outward diffusion, the energy barrier for a sequence of outward diffusion
and inward diffusion is determined by the energy difference between the initial state
and transition state for outward diffusion.

Similar results are obtained for geometries and energy profiles on Al2O3 1�102ð Þ
surface shown in Fig. 10.19. After the outward diffusion of O atom the surface
takes the intermediate structure and an oxygen vacancy is generated beneath the
surface. The energy of intermediate structure is higher than that of the initial
structure by 0:78� 1:49 eV. The surface transform into the stable structure after the
inward diffusion of N atom from the intermediate structure. For the surface shown
in Fig. 10.19a, however, the energy barrier is determined by the energy difference
between the initial and transition states for nitrogen inward diffusion. The high
energy of the transition state ð1=�2c^Þ in Fig. 10.19a can be attributed to the
distance in diffusing N atom between 1=�2c and 1=�2a. The N atom moves
toward the surface by 2.73 Å during inward diffusion while the diffusion O atom
does by 2.60 Å between 1=�2b and 1=�2c owing to this large distance for the N
atom two Al–N bonds dissociate at the transition state.

Table 10.1 summarizes each elemental process, its reaction energy Er, and
energy barrier Eb obtained by the NEB method. The energy barrier for the con-
certed exchange [77] between the N atom located at the topmost layer and the O
atom beneath the surface ð1=�1b ! 1=�1aÞ takes a quite large value [Eb ¼ 5:73
and 5.70 eV on (0001) and 1�102ð Þ surfaces, respectively] compared with that of
other elemental processes. The concerted exchange is thus virtually negligible and
hardly involved in the incorporation of N atoms into the surfaces. In contrast, Er

takes a positive value and Eb is small for nitrogen inward diffusion for
Dn ¼ nO þ nN � 1. This suggests that the inward diffusion of N atoms and the
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formation of substitutional N atoms beneath the surface occur when metastable
structures (labeled nN=nOc or nN=nOe) caused by oxygen outward diffusion are
formed. The high-energy barrier for oxygen outward diffusion compared with that
for nitrogen inward diffusion suggests that the outward diffusion of oxygen rather
than inward diffusion of nitrogen is expected to be a dominant elemental process.

Figure 10.20 shows geometries and energy profiles during nitridation processes
obtained by kMC simulations described in Sect. 2.3 on the basis of rates derived
from ab initio calculations. Although various types of elemental processes are
incorporated in the kMC simulations, the nitridation consists of a sequence of four
types of elemental processes. For both orientations, N atoms adsorb on the topmost
layer after the desorption of O atoms. The outward diffusion of oxygen located
beneath the surface and inward diffusion of the N atom (arrowheads in Fig. 10.20)
proceed after the nitrogen adsorption. This set of elemental processes repeats until 1
ML of an AlN layer is formed. Since the energy barriers for oxygen outward
diffusion are higher than those of nitrogen inward diffusion, the stable structures
with N atoms beneath the surface cannot be generated without the outward diffusion
of O atoms. It is thus concluded that, irrespective of surface orientation, outward
diffusion of O atoms located beneath the surface is a rate-limiting factor.

Figure 10.21 shows detailed geometries and energy profiles during nitridation on
Al2O3(0001) surface obtained by kMC simulations on the basis of rates derived
from ab initio calculations. The desorption of O atoms and the adsorption of N atom

JFig. 10.18 Geometries and energy profiles (in eV) for the diffusion of O and N atoms in
a 1=�2b ! 1=�2a, b 1=�3b ! 1�3a, c 2=�3e ! 2=�3b, d 2=�3b ! 2=�3a,
e 2=�4b ! 2=�4a, f 3=�4d ! 3=�4b, g 3=�4b ! 3=�4a, and h 3=�5b ! 3=�5a on
Al2O3(0001) surface obtained by the NEB method. The notations of atoms are same as in
Fig. 10.12. Only (meta) stable and transition state structures are depicted for simplicity. We add
“^” to each configuration for transition state structures. Arrowheads indicate diffusing N and O
atoms

Fig. 10.19 Geometries and energy profiles (in eV) for the diffusion of O and N atoms in
a 1=�2b ! 1=�2a and b 2=�3b ! 2=�3a on Al2O3 1�102ð Þ surface obtained by the NEB
method. The notations of atoms are same as in Fig. 10.14
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subsequently occur at the topmost layer. This is depicted from 0=0a to 1=�3b in
Fig. 10.21. The outward diffusion of oxygen located beneath the surface and inward
diffusion of the N atom (arrowheads in Fig. 10.21) proceed after the nitrogen
adsorption leading to the formation of N-incorporated surface shown in 1=�3a of
Fig. 10.21. This set of elemental processes can also be seen from 1=�3a to 2=�4a
and from 2=�4a to 3=�5a. As a result, 1 ML of AlN is formed by these structural
changes. The analysis of kMC simulations clarifies that the most time-consuming
process is oxygen outward diffusion from 3=�5b to 3=�5c. It takes approximately
5� 10�4 s to overcome this energy barrier at T ¼ 1400 K. The relatively long
duration of 3=�5b compared with those for other configuration is due to the energy
barrier (2.83 eV) for oxygen diffusion.

Figure 10.22 shows detailed geometries and energy profiles during nitridation on
Al2O3 1�102ð Þ surface obtained by kMC simulations. Similar to the case of

Table 10.1 Elemental process during structural change into AlN on Al2O3 surfaces. Initial and
final states, reaction energy Er (energy difference between initial and final states), energy barrier Eb

obtained by the nudged elastic band method, and type of elemental process are listed. Positive
(negative) values in Er correspond to exothermic (endothermic) reactions. DN, DO, and CNO

denote inward diffusion of N atom, outward diffusion of O atom, and concerted exchange between
N and O atoms, respectively. Geometries and energy profiles for inward diffusion of N atom and
outward diffusion of O atom are depicted in Figs. 10.18 and 10.19

Orientation Structures Er ðeVÞ Eb ðeVÞ Process type

(0001) 1=�1b ! 1=�1a 0.37 5.73 CNO

1=�2b ! 1=�2c −0.61 1.15 DO

1=�2c ! 1=�2a 1.15 0.20 DN

1=�3b ! 1=�3c −1.01 1.62 DO

1=�3c ! 1=�3a 1.17 0.12 DN

2=�3d ! 2=�3e −0.10 1.29 DO

2=�3e ! 2=�3b 1.89 0.47 DN

2=�3b ! 2=�3c −0.11 1.21 DO

2=�3c ! 2=�3a 0.43 0.89 DN

2=�4b ! 2=�4c −0.90 0.91 DO

2=�4c ! 2=�4a 1.79 0.26 DN

3=�4d ! 3=�4e −0.99 1.30 DO

3=�4e ! 3=�4b 1.35 0.44 DN

3=�4b ! 3=�4c −0.11 2.33 DO

3=�4c ! 3=�4a 1.00 0.53 DN

3=�5b ! 3=�5c −1.45 2.83 DO

3=�5c ! 3=�5a 2.28 1.14 DN

1�102ð Þ 1=�1b ! 1=�1a 0.23 5.70 CNO

1=�2b ! 1=�2c −0.78 1.03 DO

1=�2c ! 1=�2a 1.32 0.85 DN

2=�3b ! 2=�3c −1.49 1.79 DO

2=�3c ! 2=�3a 1.15 0.11 DN
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Fig. 10.20 Geometries and energy profiles (in eV) of a Al2O3(0001) and b Al2O3 1�102ð Þ surfaces
during nitridation processes obtained by kMC simularions under typical nitridation conditions (T=
1400 K, pN ¼ 1� 10�4 Torr, and pN ¼ 1� 10�8 Torr). The notation of atoms are same as in
Fig. 10.18. We add “^” to each configurations for transition state structures in O/N diffusion (for
instance, nN=n^O). Arrowheads indicate diffusing N and O atoms. Note that the atomic coordinates
in the figure are obtained by DFT calculations. (Reproduced with permission from Akiyama et al.
[75]. Copyright (2013) by American Physical Society.)

Fig. 10.21 Top views of typical configurations on Al2O3(0001) surface during nitridation
obtained by kMC simulations at T= 1400 K with pN ¼ 1� 10�4 Torr, and pN ¼ 1� 10�8 Torr.
Filled and empty circles have the same meanings as in Fig. 10.18. Dashed circles represent oxygen
vacancies caused by the desorption of O atoms at the topmost layer and arrowheads indicate
diffusing N and O atoms. Note that the atomic coordinates in the figure are obtained by DFT
calculations
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Al2O3(0001) surface, the desorption of O atoms and the adsorption of N atom
subsequently occur at the topmost layer, as depicted from 0=0a to 1=�2b in
Fig. 10.22. The outward diffusion of oxygen and inward diffusion of the N atom
take place from 1=�2b to 1=�2a and from 2=�3b to 2=�3a, respectively. The
most time consuming process is oxygen outward diffusion from 2=�3b to 2=�3c,
which is originating from its high energy barrier (1.79 eV). Owing to its low energy
barrier compared to that from 3=�5b to 3=�5c on Al2O3(0001) surface, however,
the duration from 2=�3b to 2=�3c on Al2O3 1�102ð Þ surface � 1� 10�7 sð Þ is
shorter than that on Al2O3(0001) surface.

The kMC simulations for various temperatures provide a consequence of oxygen
diffusion. Figure 10.22 shows the growth rate for AlN formation as a function of
reciprocal temperature estimated from kMC calculations. Here, the rate is defined as
the reciprocal of time for AlN formation. The time for AlN formation is calculated
by an integral of time increments until the formation of 1 ML of an AlN layer.
Owing to an enhancement of oxygen diffusion at high temperatures, the rate
increases monotonically with temperature. This trend is qualitatively consistent
with the temperature dependence of XPS intensity corresponding to Al–N bonds
[51].

Furthermore, several important features which are compared with the experi-
ments can be deduced from the rate shown in Fig. 10.23. At each temperature the
rate with high nitrogen pressure is larger than that with low pressure, indicating that
the rate increases with nitrogen pressure. The pressure dependence results from
high adsorption probability of N atoms under high nitrogen pressure conditions, and
reasonably agrees with that in XPS intensity [51, 62]. Furthermore, the rate on
Al2O3 1�102ð Þ surface is found to be always higher than that on an Al2O3(0001)
surface. The orientation dependence implies that the nitridation on nonpolar ori-
entation is faster than that on polar (0001) orientation. This is because the energy

Fig. 10.22 Top views of typical configurations on Al2O3 1�102ð Þ surface during nitridation
obtained by kMC simulations at T= 1400 K with pN ¼ 1� 10�4 Torr, and pN ¼ 1� 10�8 Torr.
The notations are same as in Fig. 10.22
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barrier for oxygen outward diffusion in 3=�5b on an Al2O3(0001) surface
(2.83 eV) is higher than that in 2=�3b on an Al2O3 1�102ð Þ surface (1.79 eV) due to
the dissociation of two Al–O bonds. The overestimation of the calculated formation
rate compared with the experiments might be due to the diffusion of N and O atoms
in AlN layers with more than 2 MLs, which are not taken into account in the kMC
simulations. Since these diffusion processes are expected to be insensitive to surface
orientation, the formation rate is still dependent on oxygen outward diffusion, and
the rate on nonpolar orientation could be faster than that on polar (0001) orientation
even for AlN layers with more than 2 MLs. This trend is reasonably consistent with
experimentally reported growth rate difference (diamonds in Fig. 10.23) [57, 58]. In
order to predict the formation rate of AlN layers more quantitatively, clarifying
further elemental processes such as diffusion of O and N atoms in AlN layers during
nitridation should be clarified.
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