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2-D Nanosheets and Rod-Like WO3
Obtained via Chemical Precipitation
Method for Detecting Formaldehyde

HuiMin Yu and JianZhong Li

Abstract In this paper, WO3 nanosheets and rod-like were successfully prepared via
chemical precipitation method for efficient sensing of formaldehyde gas at low
working temperature. The structure and morphology of the precursors and the cal-
cined products in air were characterized X-ray diffraction (XRD) and scanning
electron microscopy (SEM). XRD analyses confirmed that the precursors were
compound of monoclinic structureWO3 and orthorhombic structureWO3 ⋅ 0.33H2O,
whereas monoclinic structure WO3 were obtained by calcining at 450 °C for 2 h.
Sensors fabricated by calcined WO3 exhibited a quick response (5 s)/recovery (15 s)
characteristic. The gas sensing texts showed the response value (Ra/Rg = 16.5) to
100 ppm HCHO at the optimum temperature of 300 °C. The possible oxidation-
reduction reaction mechanism of HCHO molecule on the sensor surface were
researched and discussed too. WO3 could be a promising sensing materials for
detecting organic pollutants.

Keywords WO3 ⋅ Formaldehyde ⋅ Gas sensing

Introduction

Formaldehyde as a kind of poisonous pollutant gas widely exists in building deco-
ration materials, such as paint, wooden floor, and furniture, which can pose a threat to
the health of human body such as respiratory system, immune system, and even
increase the risk of cancer [1]. Therefore, the real-time detection of formaldehyde is
extremely vital, and the study of formaldehyde gas sensitive material is also an urgent
problem for scientists. Various methods have been used to detect formaldehyde, such
as spectrophotometry, potentiometric, mid-IR difference-frequency generation,
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electrochemical biosensors, piezoelectric sensors, amperometric, opticalmethods and
filter color testing methods [2]. But these methods are inconvenient and complicated
in practice so far. Owing to high sensitivity, quick response time and low cost,
semiconductor gas sensor has been greatly developed in recent years to detect
formaldehyde and is widely used in practice. Among these semiconductor materials,
gas sensors based on SnO2 [3], ZnO [4], NiO [5] and WO3 [6] have attracted great
attention from scientists due to its simple production, low cost, convenient portability
and excellent gas sensitive performance, which has been widely studied.

WO3 is an n-type semiconductor with wide bandgap of 2.6–2.7 eV, has been
evoke in a lot of interest in the scientific area. In the existing research, WO3 has
been used to detect various gases such as H2S, NOX, H2, ethyl, NH3, volatile
organic compounds (VOCS), etc. [7]. Various methods are used to prepare WO3

such as hydrothermal method, chemical precipitation method, chemical vapor
deposition method and solid phase method, a variety of morphology products are
prepared, such as 1-D, 2-D, 3-D including nanowires, nanotubes, nanosheets,
nanoflower, porous spheres, and hierarchical structure was composed of nanosheets
by self-assembly. How to obtain high sensitivity and selectivity to formaldehyde for
WO3 sensors is still a challenge.

In this paper, two-dimensional (2-D) sheets with high electron conductivity, high
specific surface area were obtained via a simple chemical precipitation method to
improve the sensing properties of the WO3 gas sensor, structure and morphology of
sensing materials were characterized using X-ray diffraction (XRD) and field
emission scanning electron microscopy (FESEM). In the end, the sensors to detect
HCHO was investigated.

Experiment

Chemical Reagents

All the chemical reagents were analytical grade and used as purchased without
further purification. Deionized water was used throughout the experiments.
Chemicals including sodium tungstate, Poly-vinyl pyrrolidone (PVP-K30), for-
malin solution and sulfuric acid were purchased from Sinopharm Chemical
Reagents Co., Ltd.

Preparation of WO3 Material

The WO3 sheets were prepared via chemical precipitation method as follows:
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Na2WO4 (0.02 mmol) was dissolved in 100 ml deionized water with magnetic
stirring to form a homogeneous solution, 30 min later, H2SO4 (0.5 mol L−1) was
dropwise added until the pH value of the mixture reach to 1.0. 30 ml PVP-K30
(1 mol L−1) added into above solution subsequently, the resulted emulsion lasted
for 30 min under magnetic stirring. Then the resulted precipitates were collected by
centrifugation and washed with deionized water and ethanol for several times
alternately before drying at 80 °C for 12 h. Finally the dried products were
annealed in muffle furnace at 450 °C for 2 h in air atmosphere.

Characterization

The WO3 samples were characterization by the X-ray diffraction (Smart Lab, 9KW,
Japan) using CuKɑ1 radiation (λ = 0.15406 nm) at a scanning rate of 6°/min in the
range of 10°–85°. The morphology and structure of the samples were obtained by
scanning electron microscopy (JSM-7800F, Japan).

Fabrication of Gas Sensor

To fabricate gas sensor to detect formaldehyde gas based on calcined WO3, the
as-obtained product were mixed with a small quantity deionized water and ethyl to
form paste. Then the resulting paste was coated uniformly onto the surface of a
cleaned alumina tube by small brush after grinding for 20 min. After the coating
was dried in air, the Al2O3 microtubules were sintered at 400 °C for 1 h to remove
the ethanol and increase the contact between particles so as to improve the stability
and repeatability of sensors. Waited until the ceramic tubes cool to room temper-
ature, a Ni-Cr alloy coil passed through the ceramic tube as a heater to adjusting
operating temperature of sensors. The working temperature of the gas sensor
was adjusted by varying the heating resistor. The circuit voltage was constant
(Vc = 5 V) and the output voltage (Vout) was the terminal voltage of the load
resistor (RL = 10 kΩ). By monitoring Vout, the resistance change of the gas sensor
in air or the target gases could be measured (Rs = (Vc − Vout) RL/Vout), working
circuit was shown in Fig. 1, and the surface reaction diagrammatic figure was
shown in and Fig. 2. Subsequently, welded to a pedestal with four Pt wires attached
on two Au electrons.

Sensing Measurements

The as-prepared gas sensors were all aged on an aging equipment for three days to
enhance long-term stability and repeatability before gas sensing measurement.
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To guarantee the results of gas sensing text maintain the margin of error, all sensors
were fabricated by the same method.

The desired concentration HCHO gas was obtained by injecting corresponding
formalin solution micro-syringe onto the crucible heater which settled in texting
chamber. The solution was evaporated by heater, one air fan installed in chamber
made the target gas homogeneous. For a target concentration, the volume of for-
malin solution needed could be calculated as follows in formula (1):

V=
VB ⋅ c ⋅M

22.4 ⋅ ρ ⋅ω%
ð1Þ

where VB, c, M, ρ, ω denoted the volume of texting chamber, HCHO concentration
(ppm), molecular weight (g/mol), density of formalin solution (g/cm3) and purity of
formalin liquid (37%), respectively.

The response value (S) of sensors in this paper was defined as S = Ra/Rg, where
Ra, Rg was the resistance of sensor in air and in target gas respectively. The
response time was defined as the time to reach 90% of the final equilibrium value

Fig. 1 The working circuit of texting system

Fig. 2 The surface reaction diagrammatic figure
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when sensors were exposed to target gas, and the recovery time was the time to
decrease 10% of the final equilibrium value when sensors exposed in air regain.

Results and Discussion

Crystal Structure and Morphology

The X-ray powder diffraction of as-prepared precipitate products were shown in
Fig. 3. XRD analyses confirmed that the precursors were compound of monoclinic
structure WO3 and orthorhombic structure WO3 ⋅ 0.33H2O. The diffraction peaks
of (002), (200), (220), (111) and (020) crystal planes were sharp and intense,
indicating their high crystallization. The diffraction pattern for sintered product
shown in Fig. 4 exhibited peaks at 23.1°, 23.6°, 24.3°, 26.6°, 28.6°, 28.9°, 33.3°,
34.2°, 41.9°, 49.9° and 55.9°, corresponding to (002), (020), (200), (120), (−112),
(112), (022), (202), (222), (400), and (420) of WO3 (PDF 72-0677), respectively.
The sintering process converted crystal phase of samples into monocline. Figure 5a
presented SEM images of obtained precipitate products, indicating that the resultant
particles were piled up by positive hexagonal plates which were about 200 nm in
thickness. Figure 5b–d showed the precipitate products sintered in muffle under
various temperature. It’s obvious from the SEM photograph that sheets transformed
into rod-like or capsule-like particles after sintering.

Fig. 3 The XRD pattern of as-prepared precipitate products

2-D Nanosheets and Rod-Like WO3 Obtained via Chemical … 7



Fig. 4 The XRD pattern of sintered products

Fig. 5 SEM images of precipitate and sintered products

8 H. Yu and J. Li



Formaldehyde Sensing Properties

The formaldehyde sensing performance of WO3 sensors were examined by placing
them into texting chamber, the desired concentration HCHO were obtained by
injecting formalin solution. Here, the sensing properties of WO3 for HCHO were
investigated. Figure 6 presented the response to 100 ppm HCHO at 300 °C, it
could be observed that the response increased and reached its maximum in 5 s, the
sensor exhibited maximum response of 16.5–100 ppm HCHO, and the recovery
time was also short to 15 s. The sensors based on WO3 had almost real-time
monitoring for formaldehyde gas.

Mechanism of Sensing Properties

The working mechanism of the gas sensors relies on electron transport caused by
oxidation and reduction reaction on surface of sensors thin films. The gas sensing
response was reflected by the change of resistance when their exposed to target gas,
target gas and chemisorbed oxygen species leaded to change in charge. When
sensors were exposed in air atmosphere, oxygen species absorbed on surface or
inner of samples would trap electrons from conduction band and then created
chemisorbed oxygen species for instance O−

2 , O−, O2−, the reaction were shown as
Eqs. (2)–(5). These reactions would produce an electron depletion layer causing in
a high resistance for sensors.

Fig. 6 100 ppm formaldehyde response characteristic of sintered WO3 at 300 °C
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O2ðgasÞ → O2ðadsÞ ð2Þ

O2ðadsÞ +e− → O−
2ðadsÞ ð3Þ

O−
2ðadsÞ + e− →O−

ðadsÞ ð4Þ

O−
ðadsÞ + e− →O2−

ðadsÞ ð5Þ

When gas sensors were exposed to HCHO gas, the gas chemisorbed oxygen
species would react with HCHO molecules and trapped electrons would be released
to conduction band. Thus, the thickness of electrons depletion layer decreased,
causing to an enhancement on conductivity of the materials. The possible chemical
reaction process was shown as Eqs. (6) and (7). Response of materials for detecting
HCHO gas could be reflected by output voltage of the load resistor in text circuit.

HCHOðgasÞ → HCHOðadsÞ ð6Þ

HCHOðadsÞ +2O− adsð Þ→CO2 +H2O+2e− ð7Þ

In the whole process, we could find that the operating temperature which
affected the process of chemisorption and desorption played a critical role, it could
influence the quantity of chemisorbed oxygen species and also affect the adsorption
as well as desorption rate of detected gas on sensing thin films surface.

Conclusion

In conclusion, sheet and rod-like WO3 have been successfully synthesized by a
simple chemical precipitation route combined with a subsequent sintering process.
XRD characterization showed the sintered products were monocline phase WO3.
SEM results demonstrated that as-obtained precipitate products were piled up by
slices and transformed into rod-like particles after calcining. Gas sensing texts
exhibited the obtained samples have excellent HCHO sensing performance espe-
cially in rate of response and recovery. The materials have a distinctive response to
100 ppm HCHO with very short time (5 s) and recovery time (15 s). These results
mean that the WO3 could be a candidate material for detecting HCHO gas in
real-time.
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Electrochemical Fabrication
of Micro/Nanoporous Copper
by Electrosynthesis-Dealloying of Cu–Zn
Alloy in Deep Eutectic Solvent

Shujuan Wang, Xingli Zou, Xueliang Xie, Xionggang Lu,
Yinshuai Wang, Qian Xu, Chaoyi Chen and Zhongfu Zhou

Abstract The electrodeposition of Cu–Zn alloy films on a Ni substrate from CuO
and ZnO precursors in choline chloride (ChCl)/urea (1:2 molar ratio) based deep
eutectic solvent (DES) was firstly carried out. Then, micro/nanoporous Cu films
were fabricated by further electro-dealloying of the synthesized Cu–Zn alloy films.
XRD analysis indicates that the phase compositions of the deposited Cu–Zn alloys
are Cu5Zn8 and CuZn5. Further investigation shows that the more-active component
Zn would be dissolved during the electro-dealloying process, and porous Cu can be
obtained. The result reveals that the electrosynthesis-dealloying process may pro-
vide a promising strategy for the production of micro/nanoporous Cu at low
temperature.

Keywords Porous copper ⋅ Electrosynthesis ⋅ Dealloying ⋅ Cu–zn alloy
Deep eutectic solvent
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Introduction

Due to high surface areas, micro/nanoporous metals with superior physical and
chemical properties have drawn broad attention in various applications, including
catalysis, sensors, actuators, fuel cells, and batteries, etc. [1–4]. Several approaches
have been proposed to fabricate micro/nanoporous metals, such as covering casting,
melt gas injection, thermal evaporation, sputter deposition, vapor deposition tech-
nique, electrochemical methods, and dealloying [5, 6]. Among these techniques, the
dealloying technique that refers to selective dissolution of one or more components
from an alloy has attracted wide attention and becomes a promising process to
produce micro/nanoporous metals. In addition, electrochemical dealloying method
exhibits a relatively versatile superiority to prepare various micro/nanoporous
metals, e.g., gold, platinum, silver, nickel, tungsten, copper, and so on [7–9]. In
recent year, nanoporous Cu with a relatively low cost and several exceptional
features, such as low density, high modulus of elasticity and reaction activity,
shows a promising application prospect [6]. However, the electrochemical fabri-
cation of micro/nanoporous metals are usually carried out in acidic or alkaline
media, which commonly involves the chemical/electrochemical etching of the
substrate surface [10].

Room-temperature ionic liquids (RTILs) generally possess many distinct
advantages such as extremely low vapor pressure, high ionic conductivity, wide
electrochemical windows, high solubility of metal salts, and thermal stability
[11, 12]. In particular, RTILs have gained considerable attention in comparison
with aqueous solutions. In various kinds of RTILs, deep eutectic solvents (DESs)
have been considered as the potential alternatives sharing most of physical and
chemical properties of conventional RTILs [13]. Practically considering the cost
and handling ionic liquids, DESs are obtained primitively by mixing quaternary
ammonium salts with hydrogen-bond donors such as alcohols, amides, and acids
[14, 15]. Moreover, the other merits of rifeness include low cost, nontoxicity and
more accessible synthesis with high purity, make them attractive solvents for
large-scale technological applications.

In this work, we report the electrosynthesis-dealloying of Cu–Zn alloy from CuO
and ZnO precursors in DES on a Ni substrate. Moreover, the fabrication process for
the micro/nanoporous copper is discussed.

Experimental

Electrolyte Preparation

Choline chloride [HOC2H4N(CH3)3Cl] (ChCl) (Aldrich 99%), urea [NH2CONH2]
(Aldrich > 99%), ZnO (Aldrich > 99%) and CuO (Aldrich > 99%) were used as
received. To remove the water residue and trapped air, ChCl and urea were dried
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under vacuum at 333–363 K for at least 12 h. The eutectic mixture in the molar
proportion of ChCl: urea = 1:2 was stirred under argon atmosphere using a poly-
tetrafluoroethylene(PTFE)-coated magnetic stir bar in a beaker at 353 K until a
homogeneous and colorless solution was formed. Thereafter, 0.01 M CuO and
0.1 M ZnO were dissolved in the ChCl-urea DES at 343 K and stirred until the blue
transparent electrolyte was obtained.

Electrodeposition and Dealloying Experiments

Electrodeposition experiments were performed in a three-electrode system, con-
sisting of a Ni foil (1 cm2) as the working electrode, a platinum plate (0.6 cm2) as
the counter electrode, and a silver wire (99.995%, 1.0 mm in diameter) as the
reference electrode. Approximately 50 mL of the ChCl-urea DES containing
0.01 M CuO and 0.1 M ZnO was used as the electrolyte for the electrodeposition
experiments. The experimental device is shown in Fig. 1. Mirror polishing with
0.5 μm alumina paste, washing with 10 vol% H2SO4, degreasing with acetone, and
rinsing with deionized water constitute the sequence in surface pretreating for the
Ni substrate. Subsequently, the electrodeposition of alloy films on the Ni substrate
was carried out at three different potentials (−1.1,−1.15 and −1.2 V versus Ag) by
using chronoamperometry (CA) electrodeposition in the electrolytic cell at 343 K
for 2 h. In order to minimize the water ingress into the electrolyte, all the elec-
trodeposition experiments were conducted in a sealed cell. All final products were
taken out from the cell, followed washing with distilled water and anhydrous
alcohol, and then dried.

After the electrodeposition, the formed Cu–Zn alloy films were then dealloyed in
the same system as the electrodeposition experiments at room temperature at
−0.5 V verus Ag for a certain time (from 100 to 900 s). The dealloying potential
was chosen from the cyclic voltammetry curve, and more negative than which will
result in the dissolution of copper and more positive than which will lead to the
dissolution of zinc [16]. Then, the as-prepared samples were removed from the
solvent, carefully washed with anhydrous alcohol and distilled water, and dried
finally by N2 gas stream. The whole simplified process of electrodeposition and
electrosynthesis-dealloying is shown in Fig. 2.

Fig. 1 Schematic illustration
of the experimental device for
the electrodeposition and
dealloying processes
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The microstructure of the electrodeposited Cu–Zn alloy films and the dealloyed
products were examined with scanning electron microscope (SEM, JEOL
JSM-6700F). The corresponding phase structures were analyzed by X-ray diffrac-
tion (XRD, Bruker-AXS D8Advance) with Cu-Kα radiation at a scan rate of
5° min−1.

Results and Discussion

Electrodeposition of Cu–Zn Alloy Films

Chronoamperometry experiments were carried out in the potential range of −1.1 to
−1.2 V. Typical current-time transient curves recorded in the ChCl-urea DES
containing 0.01 M CuO and 0.1 M ZnO at 343 K for 2 h are shown in Fig. 3. From
the enlarged part of Fig. 2, the drastically negative increasing of the initial current
(A → B) may be caused by the double layer charging [17]. Then, as a result of the
formation and growth of Cu-Zn alloy nuclei, the current (B → C) gradually shifts
positively until a steady value (C → D). Compare the current-time curves recorded

Fig. 2 Schematic illustration of the electrodeposition and electrosynthesis-dealloying processes

Fig. 3 Current-time curve of
the electrodeposition process
on a Ni substrate in ChCl-urea
DES containing 0.01 M CuO
and 0.1 M ZnO at different
potentials from −1.1 to
−1.2 V at 343 K for 2 h
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at different potentials, it is obvious that the final stable current increases with more
negative potential.

Copper and zinc co-deposition was performed on a nickel foil at a constant
potential, and the as-deposited samples were examined by XRD and SEM analysis.
Figure 4 shows the XRD patterns the Cu–Zn alloy films electrodeposited at dif-
ferent potentials and 343 K for 2 h. The characteristic diffractions are attributed to
Ni, CuZn5 and Cu5Zn8 phases. Cu5Zn8 phase was produced at −1.1 V. As the
potential becomes more negative, CuZn5 electrodeposition becomes more distinct,
owing to the increasing of the Zn electrodeposition rate at more negative potentials
(−1.15 and −1.2 V) [18].

The corresponding SEM images of the samples electrodeposited at different
potentials are shown in Fig. 5a–c. It can be observed that the particle size of the
electrodeposits is approximately 800 nm (Fig. 5a). The pure Cu5Zn8 film elec-
trodeposited at −1.1 V is uniform. As the electrodeposition potential increases to
−1.15 V, the Cu–Zn alloy film is consisted of flower-shaped clusters (Fig. 5b).
With further increasing the electrodeposition potential to −1.2 V, the Cu5Zn8 and

Fig. 4 XRD patterns of the
electrodeposited Cu–Zn alloy
films on a Ni substrate in
ChCl-urea DES containing
0.01 M CuO and 0.1 M ZnO
at different potentials and
343 K for 2 h

Fig. 5 SEM images of the electrodeposited Cu–Zn alloy films on a Ni substrate in ChCl-urea
DES containing 0.01 M CuO and 0.1 M ZnO at different potentials: a −1.1 V, b −1.15 V,
c −1.2 V at 343 K for 2 h
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CuZn5 alloy films with conglobating structure are observed, owing to the Zn
electrodeposition rate increases with more negative potential (Fig. 5c).

Synthesis of Porous Copper

The current-time curve recorded during the dealloying process of the Cu-Zn alloy
film is shown in Fig. 6. The Cu-Zn film was firstly prepared on a Ni substrate in
ChCl-urea DES containing 0.01 M CuO and 0.1 M ZnO at −1.15 V and 343 K for
2 h, then the electrochemical dealloying process was carried out at −0.5 V verus
Ag and room temperature. As shown in Fig. 6, there are three stages in the anodic
stripping current-time curve. The initial part (A → B) of the dealloying current
decreases sharply, which is related to the quick dissolution of outmost zinc from the
uppermost surface. The corresponding SEM examination of the film (Fig. 7b)
shows that the flower-shaped clusters were gradually disappeared. As time goes by
(B → C, C → D), the current decreases slowly and eventually stabilizes,
implying more Zn atoms were dissolved (Fig. 7c–d, then porous Cu was obtained.
The EDS spectrum confirms that the dealloyed product is Cu.

Conclusions

The electrochemical fabrication of micro/nanoporous copper films has been
investigated by electrochemical alloying/dealloying of Cu-Zn alloy films in the
ChCl/urea-based DES. It is suggested that the formation of Cu-Zn alloys including
Cu5Zn8 and CuZn5 alloy depends on the cathodic electrodeposition potential. More
negative potential can contribute to the increasing of Zn electrodeposition rate.

Fig. 6 Anodic stripping
current-time curve of the
dealloying of the formed Cu–
Zn alloy film at −0.5 V and
room temperature
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Comparing to the traditional acidic or alkaline solutions, the method of preparing
micro/nanoporous copper in DES on the Ni substrate is more environmentally
sustainable and recyclable, and spends less time (less than 1 h) in lower tempera-
ture. Moreover, this method may also have implications for the production of other
porous metal materials.

Fig. 7 SEM images of the electrodeposited Cu–Zn alloy films after being dealloyed for different
times: a 0 s, b 70 s, c 400 s, d 900 s. and e EDS spectrum of after being dealloyed for 900 s
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Electrosynthesis of CuNPs from e-Waste

M. Islas Hernández, P. A. Ramírez Ortega, L. García Hernández
and U. M. Flores Guerrero

Abstract Currently, e-waste, such as integrated circuits or microprocessors, has
been increasing, due to the development of new technologies that make them
obsolete. Therefore, to minimize the impact of this type of waste and recover the
valuable metals present in them. In this work, copper nanoparticles (CuNPs) were
synthesized from e-waste by electrochemical techniques. The voltammetric studies
were performed in a typical electrode cell of three electrodes, as a working electrode
was used a stainless steel plate, as a counter electrode a dimensionally stable anode
(DSA) and as a reference electrode a saturated calomel electrode (SCE). The
voltammetric studies allowed to determine the interval attributed to the reduction of
the ionic copper species, the chronopotentiometric studies allowed to obtain
homogeneous deposits on the surface of the working electrode, which was char-
acterized by scanning electron microscopy (SEM-EDS) showing a morphology
spherical type with sizes between 5 and 13 nm. On the other hand the studies by the
technique of galvanostatic pulses allowed the obtaining of CuNPs, which were
characterized by SEM-EDS and UV-Vis spectroscopy.

Keywords e-Waste ⋅ Copper ⋅ Nanotechnology ⋅ Electrochemistry
Synthesis

Introduction

Globalization has increased the demand for electronic equipment; this causes
companies in the sector to adopt increasingly aggressive strategies for product
innovation, especially those related to information technologies. This has resulted in
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shorter life cycles for electronic products and consequently a significant increase in
the volume of e-waste that can cause serious environmental problems due to the
toxicity of some of its products components. Electronic or e-waste is one of several
categories of Waste Electrical and Electronic Equipment (WEEE) that includes
several products that have recyclable components including ferrous metals and
non-ferrous metals. Despite growing international attention on the subject of
electronic waste, Mexico still does not have a specific plan for the management of
this waste, since within the comprehensive plan of the Ministry of Environment and
Natural Resources it is not clear whether waste should be considered dangerous or
special handling. This problem has attracted the attention of governments, com-
panies and consumers looking to design strategies for the control and proper dis-
posal of these wastes in an effort to protect the environment [1]. Printed Circuit
Board (PCB) is the basis of the electronics industry. The composition of PCBs is
made of non-metallic materials (polymers and ceramics). Heavy metals in e-waste
become contaminants if they are altered by anthropogenic activities. Toxic metals
can be Cadmium, Mercury, Lead, Selenium and Arsenic which are highly polluting
for the environment and human health. Similarly, e-waste is composed of metals
such as Copper, Tin, Iron, Nickel, Silver, Gold and Palladium [2]. For some
materials, a recycling system can not be implemented spontaneously with high
effectiveness, which makes it an issue that concerns technology, planning and
economic and environmental regulation. Due to the increasing severity of recycling
policies, countries such as China, Japan, Taiwan and South Korea, including the
European Union and some US states, have established standards for the manage-
ment and regulation of e- waste). Accordingly, strategies for the implementation of
an appropriate recycling system should be based on three points: (i) technical
feasibility; (ii) economic sustainability of the process; and (iii) a high and real level
of social support for the program [3].

The antimicrobial property of Copper has been demonstrated in microbial agents
such as Staphylococcus aureus, Escherichia coli 0157: H7, Pseudomonas aerugi-
nosa, Enterobacter aerogenes, Listeria Monocytogenes, Enteric salmonella,
Campylobacter jejuni, Legionella pneumophila, Clostridium difficile and
Mycobacterium tuberculosis, based on EPA criteria (Environmetal Protection
Agency). Studies by Michels et. al. show that the antimicrobial action on the copper
surface is exerted with the same efficiency at different temperatures (35–22 °C) and
in different relative humidity conditions (between 90 and 20% ranges). Other metals
such as silver, which also have antibacterial properties, are only active in high
temperature and humidity environments. Copper’s antimicrobial mechanisms are
complex and occur in different forms, both within cells and interstitial spaces
between cells. One factor responsible for the antimicrobial properties of copper is
the ability of this metal to easily accept or donate its electrons (i.e copper has a high
oxidation and high reduction potential). This chemical property allows Copper ions
to alter the proteins inside the cells of the microbes so that the proteins can no
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longer perform their normal functions [4]. Nanotechnology is a subclassification of
technology in the fields of biotechnology, physics, chemistry and other scientific
domains. The National Nanotechnology Initiative (NNI) of the United States
defines nanotechnology as the understanding and control of matter in dimensions
from 1 to 100 nm, where unique phenomena that allow the development of new
applications for the materials. The concept of nanotechnology was first mentioned
by physicist Richard Feynman (Nobel Prize in Physics in 1965). In 1974, Professor
Norio Taniguchi of the University of Science in Tokyo in an article published,
titled, “On the Basic Concept of Nanotechnology” states that nanotechnology
consists of the processes of separation, consolidation and deformation of matter
atomic or molecular levels [5]. There are techniques and methods for the synthesis
of nanoparticles both physical and chemical, one that stands out for its versatility
and reliability. Electrochemistry, for its part, consists of applying a potential dif-
ference between two electrodes inside a conductive solution (electrolytic solution)
in order to generate the chemical reaction known as Redox, ie, oxidation-reduction.
Electrochemistry is a branch of physicochemistry, which studies the chemical
changes produced by the electric current and the production of electricity through
chemical reactions. All electrochemical reactions involve the transfer of electrons
and are therefore oxidation-reduction reactions. Oxidation and reduction occur
simultaneously and takes place at the interface, between the electrolyte and the
electrodes (cathode and anode), which are shown separated from each other, so that
oxidation occurs at the anode and the reduction in the cathode [6]. Therefore, this
work proposes the recovery of copper under non-aggressive chemical means,
supplemented with electrochemical techniques for the exchange of ionic Cu to
metallic Cu, being deposited on a stainless steel substrate, monitoring kinetics of
solution concentration by the technique of spectroscopy After obtaining this pro-
cedure, the synthesis of Cu nanoparticles is sought for its possible application in the
wastewater treaty and in the industrial sector, maintaining a minimum and eco-
nomically accessible environmental impact for a larger scale, obtaining a viable
methodology with an industrial technological impact.

Methodological Framework

Strategy

Figure 1 represents the block diagram for methodological development.
Figure 2 shows the scheme of the synthesis process by means of electrochemical

techniques to obtain CuNPs from electronic waste.
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Methodology

Experimental Characteristics

(a) Cyclic voltammetry

The Voltamperometric (CV) studies were carried out within a typical three-cell
electrode with a capacity of 100 m. As a working electrode (WE) a stainless steel
sheet was used, as against electrode (CE), a mesh type DSA and, as reference
electrode (RE), a Saturated Calomel electrode (SCE). The potential window was
−0.65 to 0.7 V versus ECS, and a scanning rate of 15 mVs-1 was used.

(b) Chronopotentiometric techniques

For the application of the chronopotentiometric technique, an experimental
arrangement of two electrodes (WE-stainless steel and CE-DSA) immersed in the
solution were used inside a cell with a capacity of 100 mL. The study was carried
out for 21600 s applying the potentials obtained from the CV technique.

(c) Galvanostatic pulses

Galvanostatic pulses (GP) with an experimental arrangement of two electrodes
(WE-stainless steel and RE-DSA) were used inside a cell with a capacity of
100 mL. The duration of the technique was 20 s with a separation time of
0.00007 s between pulses in the presence of ultra sound. The working electrodes
were polished. For the synthesis of nanoparticles an ultrasonic Autoscience model
AS2060B.

Characterization

Solution

Synthesis of CuNPs

Galvanostatic pulses

AASSEM-EDS

Characterization

Chronopotentiometry

Process of leaching and obtaining the working electrode

Obtaining the solution

Voltammetric studies

Electrode tank Solution

UV-Vis

Fig. 1 Block diagram for the synthesis of CuNPs
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Fig. 2 Process by means of electrochemical techniques to obtain CuNPs from electronic waste
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Both the techniques of cyclic voltammetry, chronopotentiometries and gal-
vanostatic pulses were carried out in a galvanostat potentiostat Princeton Applied
Research model VersaSTAT4

Characterization

The characterization of the deposits obtained on the stainless steel electrode was
performed in a Scanning Electron Microscope coupled to a JEOL EDD model:
JSM-6701F. The concentration monitoring of Cu+2 was obtained in a PerkinElmer
Atomic Absorption Spectroscopy (AAnalyst200) model. The characterization of the
solution after the galvanostatic pulses technique was performed was performed in a
PerkinElmer model Lambda 35 UV-VIS spectrophotometer.

Analysis and Interpretation of Results

Voltammetric Studies

Figure 3 shows the voltamperogram of the target on the stainless steel working
electrode in the potential window −0.7 to 0.5 V versus SCE on a stainless steel
working electrode at a scanning speed of 15 mVs−1. In Fig. 3 it can be seen that in

Fig. 3 Voltamperogram of the solution on the stainless steel electrode in the window from
−0.7 to 0.5 V and a scanning speed of 15 mVs−1
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the window of potential studied there is a reduction process, which starts at a
potential of −0.2 V versus SCE and is attributed to the reduction of the medium,
although the inverse sweep does not appreciates no oxidation process.

Figure 4 shows the voltamperogram of the electrolytic solution rich in copper
ions on the stainless steel working electrode in the potential window of −0.65 to
0.7 V versus SCE at a scanning speed of 15 mVs−1. In Fig. 4 shows two reduction
processes, the first in the range of −0.0002 to −0.0023 A (potential range −0.16 to
−0.5 V versus SCE), which is attributed to the reduction of ionic species of copper
(a); and the second starting at −0.00163 A, which is attributed to the reduction of
the medium (b). Similarly, in the reverse sweep two peaks are observed, the first in
the range of −0.000532 to 0.00132 A (potential range −0.2 to 0.24 V versus SCE)
and the second in the range of 0.00132–0.00054 A (potential range 0.24–0.7 V
versus SCE), which are attributed to the oxidation of the ionic species of copper
(c) and of the medium (d), respectively. The obtainment of the reduction interval of
the ionic copper species allowed to perform the chronopotentiometric studies.

Chronopotentiometric Studies

Chronopotentiometry is a galvanostatic technique in which a current is passed
through the working electrode, recording the change of potential with respect to the
electrolysis time. Figure 5 shows the results of the chronopotentiometric study in

Fig. 4 Voltamperogram of the solution on the stainless steel electrode in the window from
−0.65 to 0.7 V and a scanning speed of 15 mVs-1
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the range of −0.0002 to −0.002 A. The macroelectrolysis was carried out for
21600 s (360 min) without agitation.

In Fig. 5 it can be seen that in the range of currents studied as the current takes
more cathodic values the potential is more negative; Likewise, it can be seen that
the potential takes more positive values as the electrolysis time increases. Likewise,
it can be seen that each galvanostatic transient presents practically the same slope
which indicates that the reduction of the ionic copper species is being carried out on
the surface of the working electrode (stainless steel).

When comparing the behavior of the different deposits during the chronopo-
tentiometric studies, it was possible to identify the current that generated a
homogeneous deposit on the working electrode, being this −0.0005 A.

After the application of chronopotentiometric techniques, the deposits obtained
on the surface of the stainless steel electrode were analyzed by USB microscope, to
observe the surface of the electrode and the generated deposit. This was to deter-
mine which of the streams had generated a homogeneous deposit on the stainless
steel surface.

Fig. 5 Cronopotentiograms of the reduction of the ionic species of copper on the stainless steel
electrode, in the range of −0.0002 to −0.002 A in a time of 21600 s (360 min) without stirring
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Analysis by Atomic Absorption Spectroscopy

To confirm the reduction of the ionic copper species in the electrolytic solution, a
study was carried out by AAS, for which during the chronopotentiometric exper-
iments samples were taken every 90 min throughout the electrolysis time.

Figure 6 shows the variation of the concentration of the ionic copper species
present in the electrolytic solution with respect to the electrolysis time by AAS for
each of the chronopotentiometric studies carried out on the stainless steel working
electrode in the current range of −0.0002 A at −0.002 A for 21600 s (360 min)
without stirring.

In Fig. 6 it can be seen that in the entire range of imposed currents (0.0002 A to
−0.002 A) the concentration of the electroactive copper species decreases
throughout the electrolysis time.In addition, as the current takes more cathodic
current values the reduction of the copper ion species decreases in the electrolytic
solution, which indicates that a larger amount of copper deposit is generated on the
surface of the stainless steel electrode. The current that showed a higher deposit was
−0.002 A, which is demonstrated by observing the change of concentration in
Fig. 6. In order to know the composition and morphology of the deposits obtained
by the chronopotentiometric technique, the characterization was performed by
Scanning Electron Microscopy and Energy Dispersive Spectroscopy

Fig. 6 AAS performed at 7 different currents, used for chronopotentiometric studies, monitoring
copper reduction during 360 min
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Analysis by Scanning Electron Microscopy

Figure 7a shows the micrograph obtained by SEM at 100,000× of the deposit
obtained on the surface of the stainless steel electrode by imposing a current of
−0.0005 A during a time of electrolysis of 360 min. In said micrograph, particles
deposited on the electrode with sizes between 180 and 144 nm with a spheroidal
type morphology can be observed.

On the other hand, the formation of particles between 5.3 and 13 nm with a
spheroidal morphology is observed in Fig. 7b on the same deposit at 300,00 × .

Fig. 7 Micrographs obtained by the SEM mark JOEL model: JSM-6701F from the deposit
obtained on the surface of the stainless steel electrode, after which the study was performed by
chronopotentiometric technique of the solution in a time of 360 min

Fig. 8 EDS spectra of the Cu0 tank on stainless steel at a current −0.0005 A to 360 min
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Analysis by Energy Dispersive Spectroscopy

Figure 8 shows the spectrum obtained by energy dispersive spectroscopy (EDS) of
the deposit generated on the surface of the stainless steel electrode at a current of
−0.0005 A, during a time of electrolysis of 360 min. This study revealed the nature
of the deposit, which corresponds to Cu and the remaining elements correspond to
the substrate (stainless steel).

Study by Galvanostatic Pulses

For the synthesis of copper nanoparticles the technique of galvanostatic pulses was
used with the current that generated a homogeneous deposit and presented a more
stable behavior, which was of −0.0005 A during 20 s to 100 cycles; Also, a
100 mL capacity cell was used with a two-electrode array (ET-stainless steel,
E-DSA). This study showed that the current of −0.0005 A, used in chronopoten-
tiometric studies, is feasible for the synthesis of CuNPs by means of the gal-
vanostatic pulses technique.

Fig. 9 UV-VIS spectrogram for a sample of colloidal CuNPs obtained by galvanostatic pulses
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Analysis by UV-Vis Spectroscopy

Next, the UV-Vis spectrogram is presented for colloidal CuNPs obtained by means
of the galvanostatic pulses technique. Wavelength against absorbance is plotted
(Fig. 9).

When analyzing the target it is observed that it has absorbance attributed to the
double bonds present in the acidic solution under study, then it is compared with the
spectrum of the solution obtained from the technique of galvanostatic pulses. The
absorbance plasmon is observed at a wavelength of 230–310 nm, whose maximum
absorbance is at 254 nm. Also, the band width is associated with an almost uniform
distribution in the size of the nanoparticles obtained. The presence of CuNPs is
checked since the plasmon is within the characteristic range for said nanoparticles
ranging from 250–350 nm.

Conclusion

Applying the technique of cyclic voltammetry to the solution from the stock
solution on the stainless steel electrode the peaks of the redox pair were observed.
In the area of reduction, a peak of −0.00023 to −0.002 A (potential range −0.16 to
−0.5 V versus SCE) was present, which is attributed to the reduction of the ionic
species of copper (a), and the second starting at −0.00163 A, which is attributed to
the reduction of the medium (b). Similarly, in the reverse sweep two peaks are
observed, the first in the range of −0.000532 to 0.00132 A (potential range −0.2 to
0.24 V versus SCE) and the second in the range of 0.00132–0.00054 A (potential
range 0.24–0.7 V versus SCE), which are attributed to the oxidation of the ionic
species of copper (c) and of the medium (d), respectively. Chronopotentiometric
studies allowed the identification of the current where a homogeneous Cu deposit
was present on the stainless steel electrode, which was −0.0005 A. The analysis by
AAS shows that as current values tend to be more cathode in a range of −0.0002 to
−0.002 A, the copper concentration in the solution actually decreases. The mi-
crographs obtained by SEM showed the morphology of the deposit obtained on the
stainless steel electrode; in addition, particles of approximately 180–144 nm and 13
to 5.3 nm of spheroidal shape were observed in some sites. Spectra by EDS
revealed that the nature of the deposit obtained on the stainless steel electrode is
Copper. It was demonstrated by means of UV-Vis Spectroscopy that the synthesis
of CuNP’s is viable by the galvanostatic pulse technique as well as the
chronopotentiometric studies carried out throughout this work.
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Experimental Investigation of the Effect
of ZnO-Citrus sinensis Nano-additive
on the Electrokinetic Deposition of Zinc
on Mild Steel in Acid Chloride

Oluseyi O. Ajayi, Olasubomi F. Omowa, Olugbenga A. Omotosho,
Oluwabunmi P. Abioye, Esther T. Akinlabi, Stephen A. Akinlabi,
Abiodun A. Abioye, Felicia T. Owoeye and Sunday A. Afolalu

Abstract This work investigated the effect of ZnO-Citrus sinensis nano-additive
on the electrokinetic deposition of Zinc on mild steel in acid chloride. Fifty-four
plates of (100 × 10 × 3) mm3 mild steel samples were cut, cleaned with dilute
H2SO4 solution, rinsed in water and dried. The nano-additive was produced by
infusing 30 ml Orange Juice extract in Zinc Oxide solution. The acid chloride
electrolyte consisting of 71 g ZnCl, 207 g KCl and 35 g H3BO3 in 1 l of distilled
water was divided into six portions. The nano-additive with different molar con-
centrations 0(0.2)1.0 was added to each portion of the acid chloride. Nine plates of
mild steel samples were electroplated with zinc as the anode in each of the six
prepared electrolyte solution and plated at different times (three plates each at 10, 15
and 20 min). The effects of electroplating on the average weights were measured
and the results from the experiment showed the optimal nano-additive concentration
and electroplating time.
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Introduction

Steel has found various applications in the industries because of their excellent
properties. It is reasonable in cost, longer life, and variability in strength levels and
also very adaptable to corrective rework [1]. These properties made steel to meet
the ever increasing stringent engineering needs in the industries. Steel is a major
material in automative and other sectors majorly because of corrosion resistance
with zinc coatings, ease of joining, recyclability and good crash energy absorption
[2–4].

In most manufacturing sectors and industries chloride solutions are used as
cleaning agents and other function but steel being widely used in such industries are
affected by the action of chloride solutions [5]. Electrodeposited steel can be made
to withstand and reduce aggrieved strength of chloride as a medium [6, 7]. Different
methods have been employed for corrosion protection but zinc coating is the major
method used in industrial sectors as protective coating for large quantities of
products and other fabricated ferrous metal parts [5, 8–13]. The addition of agents
to aqueous electroplating baths plays an important role because of the important
effects they produce on the growth, structure and glossiness of deposits [12, 13].
Additives have different benefits which include reduction in grain size and tendency
to tree, improve mechanical and physical properties, reduces stress and pitting,
increase current density range and promote levelling and brightening of deposit. In
this investigation, the effect of orange nanoparticle additive on the surface mor-
phology of the substrate performance was studied to determine the optimal
nano-additive concentration and electroplating time.

Experimental Method

Samples of mild steel plates were cut into various pieces with the dimension 100 ×
10 × 3 mm. Surface preparation was done using polishing machine with different
grades of emery papers. The pickling of the mild steel was done for 15 min using
dilute H2SO4 of 120 ml of H2SO4 in 1litre of water. The samples were rinsed, dried
and stored in a desiccator. The percentage chemical composition of the mild steel
substrate was analysed using Optical Emission Spectrometer as showed in Table 1.

Orange nanoparticle supernatant was used for this experiment. The additive was
prepared by infusion of 30 ml of orange juice in zinc oxide solution of varying
concentrations 0.2, 0.4, 0.6, 0.8 and 1 M. The mixtures were left to react for 48 h.
The reacted mixture were centrifuged at 4500 rpm for 15 min. The supernant were
then, decanted from the mixture. The nano particle suspension was transferred to
watch glass, after which it was air dried and stored in sample bottles at room
temperature. The acid chloride bath for this experiment contained zinc chloride,
boric acid and potassium chloride. The acid chloride solution was prepared by
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dissolving 71 g of zinc chloride, 207 g of potassium chloride and 35 g of boric acid
in 1 l of distilled water. This solution was filtered to remove any form of impurity.

The mild steel to be electroplated (cathode) and two zinc anodes were partially
immersed in 150 ml of acid chloride bath. The cathode was connected to the
negative terminal while the zinc anodes were connected to the positive terminal of
the direct current (DC) power supply, current was set to 0.8 A. The additives
concentrations and plating time were varied as shown in Table 2. The weight of the
mild steel was measured before and after the plating to determine the mass
deposited. The experiment was replicated to arrive at an average coherent value.

Results and Discussion

Effect of Electrodeposition Time

The result of the electro deposition experiment revealed the different mass addition
of zinc on mild steel substrate in the bath for varying orange zinc oxide nanoparticle

Table 1 Chemical
composition of the mild steel
substrate

Elements % Composition

Si 0.131
Mn 0.3042
Ni 0.0071
Mo 0.0007
C 0.057
Sn 0.005
Co 0.0013
Al 0.0257
Cu 0.0029
P 0.0144
Fe Bal

Table 2 The additives concentration and electroplating time

Additive Concentration (M) Time (Min)

Control 0 10, 15, 20
ZnO-Citrus sinensis nano-additives 0.2 10, 15, 20

0.4 10, 15, 20
0.6 10, 15, 20
0.8 10, 15, 20

1 10, 15, 20
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additive concentrations. The results obtained were for plating time of 10, 15 and
20 min. Figure 1 showed the graph of the change in mass against time at 0, 0.2, 0.4,
0.6, 0.8 and 1.0 M additive concentrations. A steady increase in total mass change
was observed as the electrodeposition time increased for all the additive concen-
tration used. Thus, irrespective of the additive concentration, the total mass change
increases with electrodeposition time.

Effect of the ZnO-Citrus Sinensis Nano-additive

Figure 2 shows the effect of ZnO-Citrus sinensis nano-additive on the electrode-
position of Zinc on steel at different deposition time. For deposition done at 10 and
15 min, there was no significant impact of the additive concentration on the mass
change. However, at 20 min electrodeposition time, a significant increase in total
mass changed was observed at 1 M additive concentration.
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Fig. 1 A graph of the change in mass against deposition time for 0, 0.2, 0.4, 0.6, 0.8 and 1.0 M
additive concentration
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Conclusion

Nanodeposition of zinc on steel in acid chloride environment with ZnO-Citrus
sinensis nano-additive increases with electrodeposition time.

Moreover, physical examination of the zinc deposited mild steel shows a
smoother surface finish with an increase in the concentration of ZnO-Citrus sinensis
as nano-additive in the electrolyte solution.

Also, the study of the effect of ZnO-Citrus sinensis nano-additive on the mass
change shows that optimum combination of factors to yield optimum deposition of
zinc on mild steel occurred at the additive concentration of 1 M when electroplated
for the period of 20 min.

References

1. Singh MK (2016) Application of Steel in Automotive Industry. Int J Emerg Technol Adv Eng
6(7):2250–2459

2. DeCicco JM (2005) Steel and iron technologies for automotive light weighting. Environ
Defense

 -

0.10

0.20

0.30

0.40

0.50

0.60

0.70

0.80

0 0.2 0.4 0.6 0.8 1 1.2

To
ta

lM
as

sC
ha

ng
e

(g
)

Additive Concentration (mol)
CHANGE IN MASS @ 10 mins CHANGE IN MASS @ 15 mins CHANGE IN MASS @ 20 mins

Fig. 2 A graph of the change in mass against the additive concentration at different
electrodeposition time

Experimental Investigation of the Effect … 39



3. Ultralight Steel Auto Body (1998) Final report. American Iron and Steel Institute, Southfield,
MI. March

4. Opbroek E, Weissert U (1998) Ultralight steel auto closures project. SAE Paper No. 982308
5. Popoola API, Fayomi OS (2011) Performance evaluation of zinc deposited mild steel in

chloride medium. Int J Electrochem Sci 6(2011):3254–3263
6. Fang F, Brown B, Nesic S (2010) Corr Sci Sect 67:1–12
7. Abdullah M, Fouda AS, Shama SA, Afifi EA (2008) Africa J Pure Appl Chem 2(2008):83–91
8. Donald RA (1994) The science and engineering of materials. PWS Publishing Company,

Washington, p 8
9. Joo YL, Joe WK, Min KL, Hyun TK, Su-moon P (2004) J Electrochem Soc 151:C25–C31

10. de Pedro N, Adriana N, Correia P, Walney SA (2007) J Braz Chem Soc 18:1164–1175
11. Shivakumara S, Manohar U, Arthoba Naik Y, Venkatesha Enkatesha TU (2007) Influence of

additives on electrodeposition of bright Zn–Ni alloy on mild steel from acid sulphate bath.
Bull Mater Sci 30(5):455–462. © Indian Academy of Sciences

12. Popoola API, Fayomi OSI (2011) Effect of some process variables on zinc coated low carbon
steel substrates. Sci Res Essays 6(20):4264–4272, 19 Sept 2011. https://doi.org/10.5897/
sre11.777. ISSN 1992-2248 ©2011 Academic Journals

13. Hague IU, Ahmad N, Akhan Jour A (2005) Chem Soc Pak 27:307–311
14. Field S, Weil AD (1951) Electroplating. Sir Isaac Pitman & Sons Ltd., London, p 136
15. Dini JW (1993) Electrodeposition—the materials science of coatings and substrates. Noyes

Publications, New Jersey, USA, p 195

40 O. O. Ajayi et al.

http://dx.doi.org/10.5897/sre11.777
http://dx.doi.org/10.5897/sre11.777


Obtaining of Iron Nanoparticles (Fe NP’s)
for Treatment of Water Contaminated
with As

D. Barrón-Romero, L. García-Hernández, P. A. Ramírez-Ortega,
I. A. Reyes-Domínguez, M. U. Flores Guerrero, M. J. Ivey Cruz
and M. N. Hernández Escamilla

Abstract Iron nanoparticles exhibit interesting properties that can be exploited in a
variety of applications such as mitigation of wastewaters. For the development of
this project a typical cell of three electrodes was used, an iron working electrode
was used against a ruthenium oxide mesh as dimensional stable anode and as
reference electrode a saturated calomel electrode. The electrochemical techniques
used were: cyclic voltammetry, chronopotentiometry and galvanostatic pulses. The
characterization of the solution treated by the galvanostatic pulses technique was
performed by UV-Vis, where it was possible to observe the characteristic band of
iron nanoparticles. The materials deposited on the electrode were characterized by
SEM-EDS to observe the size of the particles obtained by the cronopotentiometrys.
To study the affinity of the iron nanoparticles on heavy metals, a solution containing
arsenic was prepared; the reduction of arsenic was studied by AAS, calculating the
concentration of arsenic ions contained in the solution.

Keywords Synthesis ⋅ Iron nanoparticles ⋅ Affinity ⋅ Arsenic mitigation

Introduction

In many parts of the world, potable water is contaminated with arsenic. This ele-
ment is eliminated by mining, chemical industries and refineries, etc. [1]. The
presence of arsenic in groundwater can also be natural due to the leaching of rocks
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and sediments containing this element [2]. This groundwater contains large
amounts of arsenic and are consumed by millions of people around the world in
countries like Bangladesh, Cambodia, China, India, Laos, Myanmar, Nepal,
Pakistan and Vietnam in Asia [3]. This problem is also present in the American
continent, in countries such as Argentina, Mexico, Chile, Peru, the United States,
Brazil and Canada [4, 5]. For these reasons, the US Environmental Protection
Agency has established the amount of 10 μg L−1 as the maximum contamination
level allowed in drinking water [6]. Therefore, several alternatives have been
studied to solve this problem. An alternative is nanotechnology with the use of
compounds based on zero-valent iron and iron oxide. The surface area presented by
nanostructured materials is a good alternative to be able to mitigate the highest
amount of arsenic contained in different aqueous environments.

Materials and Methodology

For the development of this project a typical cell of three electrodes was used, an
iron working electrode against a mesh of ruthenium oxide and as reference elec-
trode a saturated calomel electrode (SCE); taking the reported by Fajaroh et al. [7]
and modifying certain variables of the process. The ferric sulfate solution was
prepared using analytical grade chemicals and deionized water. The electrochemical
techniques used were: cyclic voltammetry, chronopotentiometry and galvanostatic
pulses, all the techniques were performed in a Princeton Applied Research
Potentiostat-Galvanostat model VersaSTAT 4. The characterization of the solution
treated by the galvanostatic pulses technique was performed by UV-vis and the
materials deposited on the electrode by SEM-EDS.

To study the affinity of the iron nanoparticles on heavy metals, a solution with at
a certain concentration was prepared using a standard of arsenic with an initial
concentration of 1000 ppm. The reduction of arsenic has been studied by AAS by
calculating the concentration of arsenic ions contained in the solution. Studies on
the affinity of nanoparticles were carried out by adding the nanoparticles obtained
through the deposition, controlling temperature, concentration and agitation. Sub-
sequently the studies with the nanoparticles obtained by galvanostatic pulses fol-
lowed the same procedure controlling the aforementioned variables.

Results and Discussion

Cyclic Voltammetry

Figure 1 shows the cyclic voltamperogram of the ferric sulfate electrolytic solution
on the iron working electrode in the potential window of −1 to −1.5 V versus ECS
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at a scanning rate of 15 mV/s. A reduction of the ionic species can be observed
from −0.382 to −0.847 mV. The information obtained from the peak of reduction
was used to determine the potentials to be used in the chronopotentiometries for the
electrodeposition on the working electrode.

Chronoamperometry

Chronopotentiometric studies served to know the most stable potentials. Figure 2
shows the chronamperometric analysis on an iron electrode. The macro electrolysis
was carried out for 10800 S with stirring in the solution. Figure 2 shows the
galvanic transient contained on the iron electrode in a current range of
−2.45 × 10−5 to −5.6 × 10−3 A.

Electrodeposition

A coating was made to the anode of iron by immersing it in the cell, with solution
of ferric sulphate and controlling the current and the electrical tension to cover or
deposit a layer. As a result a very fine black powder was obtained, washed with
deionized water and dried in a muffle at 170 °C until all traces of moisture were
removed. Subsequently, it was analyzed by SEM to know the particle size and EDS
to know the composition of the results obtained.
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Fig. 1 Voltamperogram of the ferric sulfate solution on the iron electrode in the window from −1
to −1.5 V versus ECS at a scanning rate of 15 mV/s
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SEM-EDS

The powder obtained by electrochemical deposition was analyzed by scanning
electron microscopy, which shows the iron NPs, which have a size between 40 and
60 nm (Fig. 3).
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Fig. 2 Chronopotentiograms of the reduction of Fe0 on the iron electrode, in the range of
−0.000145 to −0.002 A current of −2.45 × 10−5 to −5.6 × 10−3 A without agitation

Fig. 3 Micrograph obtained by MEB from the coating made on the anode
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X-ray dispersive energy spectroscopy (EDS) confirmed the presence of iron in
the reservoir, which is considered to be zero-valent iron because no oxygen is
present in the EDS spectrum (Fig. 4).

UV-VIS

Next, the UV-Vis spectrogram for colloidal Fe NP’s obtained by means of the
galvanostatic pulses technique is presented. Wavelengths are plotted against
absorbance. It is possible to observe an absorbance band from 250 to 330 nm
attributed to Fe colloidal nanoparticles. Due to the lack of uniformity at the
absorbance band it is speculated the presence of a variety of sizes and different iron
oxides.

Studies of the Affinity of Arsenic with Synthetized Iron
Nanoparticles

Due to the small amount of powder obtained during th electrodeposition it was
decided to continue the studies only with the nanoparticles synthetized by the
galvonostatic pulses. For the following studies, a solution with arsenic was pre-
pared, later, colloidal iron nanoparticles obtained by galvanostatic pulses were
added. The results presented below show a small decrease in the concentration of
the arsenic ions contained in the solution (Fig. 5). The contaminated solution was

Fig. 4 EDS where the
presence of iron oxide is
confirmed
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heated to 60 °C with constant magnetic stirring. During one hour, every 10 min
2 mL of the solution was added with iron nanoparticles. It’s estimated that the
reduction of arsenic ions in the solution is close to 40% (Fig. 6).

Conclusion

According to the results of cyclic voltammetry, the current and potential ranges
were obtained where the reduction of the ionic species of iron takes place. By
means of the chronopotentiometries an iron deposit was obtained on the surface of
the working electrode, characterized by scanning electron microscopy (SEM-EDS),
the technique of galvanostatic pulses allowed to obtain iron NPs that were
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characterized by UV-vis. The result showed the obtaining of spherical nanoparticles
of sizes ranging from 20 to 60 nm, grouped in agglomerates, throughout the
electrode. The presence of iron and the absence of oxygen have been verified
through EDS, suggesting that nanoparticles of zero-valent iron have been obtained.
The results obtained by AAS showed that a considerable amount of arsenic was
removed from the solution; a later characterization by TEM would confirm the
absorption of arsenic by the nanoparticles synthetized.
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Synthesis of Gold Nanoparticles Using
the Extract of Sedum praealtum and Its
Deposition on a Ceramic Substrate

L. García-Hernández, B. Aguilar-Pérez, J. Ramírez-Castro,
P. A. Ramírez-Ortega, M. U. Flores-Guerrero and D. Arenas-Islas

Abstract In the present research the synthesis of gold nanoparticles (AuNPs) was
established using the extract of Sedum praealtum. It should be pointed out that the
conditions of synthesis directly influence the size, morphology, stability and
physicochemical properties of the nanoparticles obtained. The extract of the plant
was characterized by FTIR spectroscopy finding groups N-H, C-OH, who are
credited with the reducing capacity of the ions AU+3. The AuNP’s obtained were
characterized by UV-visible spectroscopy, observing plasmones absorbance
between 530 and 550 nm characteristic of these nanoparticles, moreover they were
characterized by SEM and was observed the nanometric sizes, the reduction
capacity of the extract was evaluated by voltammetric study, observing the intervals
of the processes of reducing and oxidation of the ionic species. Additionally, it was
done the deposition of nanoparticles synthesized on a ceramic substrate in order to
achieve its stabilization and then the nanocomposite was analyzed by SEM.
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Synthesis
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Introduction

There are several methods of synthesis of nanoparticles, however, most have
negative effects on the environment, that is why they developed a discipline that is
eco-friendly and economic, also has the same effectiveness as conventional physical
and chemical methods; this is the green chemistry. This discipline has as main
objective to promote the development and use of innovative chemical technologies
that reduce or eliminate the use or generation of harmful substances in the design,
manufacture and use of chemical products [1].

Through the control of biological molecules, green chemistry offers the synthesis
of nanoparticles, several studies have reported the synthesis of metallic nanopar-
ticles using plant species as reducing agents of ions. Nanoparticles of noble metals,
and especially gold nanoparticles (AuNP’s), are of great interest because they
possess optical, electrical and conductive properties, properties which are suitable
for application in controlled release of drugs, in therapeutic macromolecules, in
gene therapy, biosensors, etc. [2].

Recently interest in AuNPs has been strengthened because of the physical
behaviors they exhibit intrinsic to size; among them are the enhancement of the
Raman dispersion by surfaces, magnetization and Resonance of surface Plasmons.
This property occurs when the particle is smaller than the incident wavelength in
the sample; the oscillating electric field induces an electric dipole, thus generating a
negative charge on one side of the particle [3].

Different biological means are known to synthesize nanoparticles through green
chemistry, among which are viruses, bacteria, yeasts, fungi and plants; those that
possess greater potential to accumulate heavy metals have better ability to syn-
thesize nanoparticles. Plants have been considered as the most eco-friendly
route for the synthesis of metallic nanoparticles; its extracts contain bioactive
alkaloids, phenolic acids polyphenols, proteins, sugars and terpenoids that play an
important role in the reduction of metal ions and subsequent stabilization of the
nanoparticles [4].

Nanoparticles are synthesized from all parts of the plant such as seeds, stem,
flowers, leaves and skin of fruits, although the properties of the particles vary due to
the change in concentration of the reducing agents through the plant [5]. The size of
AuNPs governs its properties and the applications for which they are used: small
size (2–15 nm) has applications such as immunohistochemistry, microscopy and
biomarkers; medium-sized (20–60 nm) are used in the detection and purification of
the environment, drug delivery, biomarkers, chemical sensors, DNA detection;
while the large ones (80–250 nm) are used in forensic science, electronic devices,
manufacturing, etc. [6]. The AuNPs were tested in the first room for the color
changes of the colloidal solutions, ranging from purple to brown and the appearance
of absorbance bands in the range of 510–550 nm, a result obtained by UV- Vis;
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a shift of the bands towards larger wavelengths is associated with an increase in the
size of the nanoparticles while the spreading indicates a greater distribution of such
sizes and shapes.

In metallic colloids there is no well-defined metal-metal bond with a certain
nuclearity, but they are agglomerates of atoms. An important aspect is the stabi-
lization of NPs to maintain their size and shape as a function of time; in the absence
of repulsive forces the particles tend to coagulate and subsequently precipitate. To
counteract this problem, the use of stabilizing agents such as fatty acids, amines and
polymers is used, which absorb on the surface of the newly formed nanoparticle and
prevent aggregation [7]. Sometimes the plant species plays the role of stabilizer,
however, there are other methods to achieve a more lasting stability, for example a
deposition of the nanoparticles on a substrate; in this case a nanocomposite material
is obtained.

Among the species reported with potential for the synthesis of nanoparticles is
the species Sedum praealtum. It is native to Mexico and is distributed from the
center of the country to Central America. It grows in semi-warm, semi-dry, tem-
perate or cold climates, in humid stony soils. It tends to be associated with disturbed
vegetation of xerophytic scrub, and oak and pine forest. The flowering period
occurs between the periods from winter to spring. It resists temperatures of up to
−3 °C and survives in full sunlight, for cultivation, can be watered once a week in
spring and summer and once a month during the winter. This plant is multiplied by
cuttings of leaves or stem in late spring or summer [8]. Herbaceous of long stems,
reaches about 50 cm or more, the branch is basipeta and presents knots light brown
color to reddish and white in terminal zones. Knots are associated to buds of leaf
which have auxiliary yolks. The leaves emerge in clusters and later they become
ramifications. The buds are arranged vertically in 6-leaf fascicles at an early stage,
increasing the number of leaves as it grows. The leaves are green, fleshy, thick,
spatulate with whole margin and reticulated venation in color light green, the apex
is reddish, truncated when they are young and as they grow rounded. The base of
the leaves is acuminate, sessile and without petiole. As they grow they leave the
stem naked so that they are accumulated in the terminal part of it. The size of the
leaves can reach up to 5 cm in length in the observed specimen. Yellow inflores-
cences have been observed in pinnate panicle cluster. Following the dichotomous
key given by Rzedowski and Calderón, the described specimen was identified as
Sedum praelatum belonging to the family Crassulaceae, considering the traits of
shrub, glabra erecta with stems branched from the base, numerous leaves in basal
rosette imbricated and flat, thick stems of woody appearance, yellow petals with
non-exfoliating bark [9]. An image of the specimen used is shown in Fig. 1.
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Experimental

Preparation of Sedum praealtum leaves extract
The extract was prepared from green leaves of the plant, washed with running

water and then with distilled water. It weighed 1.25 g of the leaf and were main-
tained at 80 °C for 10 min in deionized water with Bath Maria. Once the extract
was cold, it was leaked.

Characterization by of Sedum praealtum leaves extract
FTIR analysis
The leaves of Sedum praealtum were characterized by the technique

Fourier-transform infrared spectroscopy (FTIR) to identify the main functional
groups present. The sample was prepared by cutting the blade into small pieces.

Cyclic voltammetric study
As a working electrode (ET) a Pt electrode was used, as a counter electrode

(CE) a type DSA mesh and as reference electrode (ER) a Calomel saturated elec-
trode SCE. The sweep speed was 12 mVs−1. In the first place the extract was
analyzed and later the solution after the synthesis. The analysis was conducted in a
galvanostat potentiostat Princeton Applied Research model VersaSTAT4.

Synthesis of gold Nanoparticles
To obtain nanoparticles, an ion Au+3 solution was used as a precursor agent at

different concentrations (5, 10, 20 and 30 mgL−1). The concentration of the extract
used was 1.25%. The synthesis was made with Bath Maria at 80° C adding 10 mL
of the precursor solution in aliquots of 2 ml every 10 min.

Characterization of gold nanoparticles
Characterization by UV-Vis
The samples obtained were analyzed in a UV-Visible spectrophotometer Perkin

Elmer Lambda 35 double beam using 1 cm quartz cells of optical pathway in the

Fig. 1 Sedum praealtum
specie
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range of 200–800 nm λ, in order to identify the resonance band of the plasmon
surface characteristic of the gold nanoparticles.

Preparation of the substrate
A ceramic substrate was used, obtained from natural source. The ceramic was

washed with running water and cleaned manually. It was subsequently washed with
deionized water. For drying, it was left under sunlight for 5 h. Past this time they
proceeded with grinding in an agate mortar. The dust obtained was then dried in a
flask at 100° C for 1 h and then sieved to obtain grains with a diameter of less than
38 microns.

Deposition of gold nanoparticles
The synthesis was carried out using a concentration of 1.25% of the plant and the

precursor 30 mg L−1, since under these conditions there was less precipitation. The
ceramic matrix powder was added to the extract to make the deposition and later the
synthesis was performed. After the 50 min of synthesis, the final solution was
decanted and finally filtered using paper filtering, in this way, to separate from the
solution the substrate with the nanoparticles. The paper filters obtained were
introduced in a desiccator to later characterize the nanocomposite.

Characterization of the nanocomposite
SEM analysis:
The powder deposited on the filter paper was used for analysis by Scanning

Electronic Microscope on an equipment JOEL model JSM-6701F.
X-ray Difraction:
The ceramic matrix with was deposited nanoparticles was dried with filter paper

and subsequently analyzed by XRD.

Results and Discussion

Characterization of Sedum praealtum leaves extract
FTIR analysis
The characterization of the leaves of Sedum praealtum by FTIR was performed

to know the main functional groups present in the extract of the plant. The Fig. 2
shows the obtained spectrum. The FTIR spectrum shows a pronounced peak in the
3400 cm−1 which is associated with the N-H band of amino groups or the hydroxyl
group (−OH). The band in the 2908 cm−1 is attributed to alkanes groups (H-CH) or
carboxylic acids (O-h). The band found in the 2843 cm−1 can be produced by
alkanes groups or by the presence of acids (O-H). The band located at 1603 cm−1

denotes the presence of aldehydes (= C = O) or primary amides. The band at
1435 cm−1 may occur due to the presence of amino groups (N-H) or alcohols
(C-OH). Likewise, the peaks in 1075 and 672 cm−1 denote the presence of amines
and alquinos respectively. The reducing power of the ions Au+3 was attributed to
the acid groups and OH.
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Ciclic voltammetric study
In Fig. 3 is shown the Voltammogram obtained when analyzing (a) the extract of

Sedum praealtum and (B) The solution of colloidal AuNPs after 50 min of syn-
thesis. In the Voltamperograma (a) no peaks of oxidation and reduction are
observed while in the Voltamperograma obtained from the synthesis of AuNPs is
appreciated a peak reduction in the range of potential from −0.2 to −0.3 V which is
attributed to the reduction of the ions Au+3 over Titanium electrode; Likewise, a
second peak starts at −0.33 V, associated with the reduction of the medium. By
compared both voltammograms is evidenced the ability of the species Sedum
raealtum to reduce the ions Au+3 in Au0 and thus obtain nanoparticles; However,
the reduction peak corresponds to Au+3 ions still present in the solution.

Fig. 2 Analysis by FTIR of
Sedum praealtum leaves
extract

Fig. 3 Cyclic voltammetry
performed on a Pt V vs ECS
Electrode and an
contra-electrode DSA, at a
sweeping speed of 12 mVs−1,
for a the extract of Sedum
praealtum, with a potential
window of −0.7 to 0.7 V, and
b colloidal nanoparticles
solution 50 min of synthesis
with a potential window of
−0.4 to 0.4 V
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Visual observation
The synthesis of AuNPs can be evidenced by the change of colouring of the

colloidal solutions obtained. By adding the precursor agent of the Au+3 ions to the
extract of Sedum praealtum, an immediate color change was presented, obtaining
solutions with violet pink tones as shown in Fig. 4. A change in pH value of 7–2
was presented when synthesis was performed.

Characterization of gold nanoparticles
Characterization by UV-Vis
Figure 5 shows the spectrogram obtained for different synthesis of nanoparticles

using the extract at 1.25% but varying the concentration of the precursor. In all the
studies, the extract was analyzed and it was found that no plasmons of absorbance
were present in the area of interest; later, it was compared with the synthesis of
AuNPs. In the spectrogram, a plasmon of absorbance is observed in the region of
480–720 nm, which denotes obtaining AuNPs. In all the graphs it is observed that
the band of the Plasmon suffers a shift towards greater wavelengths as the time of
synthesis elapses, as well as to increase the concentration of the precursor agent,
which is associated to the increase of the size of the Nanoparticles. Similarly, the
Plasmon resonance band is widened proportionately to the increase in the con-
centration of the precursor, due to an increase in the variety of nanoparticle sizes.
Compared to the obtained spectra, it is observed that using the extract of the plant
with concentration of 1.25% and the precursor to 30 mgL−1 the plasmon corre-
sponding the highest absorbance is presented, i.e. the highest number of AuNPs
synthesized.

Characterization of the nanocomposite
SEM analysis
The MEB image of Fig. 6 corresponds to the nanocomposite whose matrix was

prepared from ceramic matrix. Micrographs were obtained at different

Fig. 4 a samples to different reaction time of colloidal AuNPs starting from a precursor with ion
Au+3 concentration with initial concentration of 30 mgL−1 and extract to 1.25% of Sedum
praealtum and b extract before and after adding the precursor ion solution Au+3
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magnifications. Observing the micrographs shown, it is observed that some of the
synthesized nanoparticles show a tendency towards rounded shapes; however, the
greatest number of them do not exhibit a defined form. The average size of
nanoparticles have in a range of 13.8–71.9 nm.

Fig. 5 UV-Vis spectrogram for a sample of colloidal AuNPs obtained from an Au+3 precursor
agent with an initial concentration of 5 mgL−1 and the Sedum praealtum extract at 1.25%

Fig. 6 MEB image of the Nanocompósito synthesized using as ceramic matrix

56 L. García-Hernández et al.



X-ray Difraction
Figure 7a shows the diffractogram obtained from the characterization of the

eggshell while the Diffractogram of (b) belongs to the same substrate with the
deposited nanoparticles.

In the diffractrogram observed in Fig. 7 are presented peaks located at angles 27,
34, 36, 42, 46, 51, 55, 57, 68, 72 and 77 in 2 θ, which correspond to the planes
(012), (104), (006), (110), (113), (202), (108), (116), (212), (214), (300), (0012),
indicators of calcite, the main component of ceramic matrix. On the other hand the
diffractogram corresponding to the Nanocompósito shows peaks at angles 45°, 52°,
77°, 94° and 99° in 2 θ representing the planes (111), (200), (202), (311) and (222),
which indicate the presence of metallic gold in the sample. The remaining peaks
belong to the planes (104), (110), (113), (108), (116), (212) and (214), which
correspond to the composition of the Matrix (calcite), however, the intensity of
these peaks is lower compared to the first diffractogram, which is because the
structure of the calcite was modified to a lesser extent when depositing the
nanoparticles.

Conclusions

According to the analyzes shown, it is established that the aqueous extract of the
species Sedum praealtum has the ability to reduce the Au+3 ions to Au0 to syn-
thesize nanoparticles due to the macromolecules present in the extract. Initially, the
presence of AuNPs was estimated by visual analysis, with changes in the coloration
of the solution during synthesis; subsequently through UV-Vis spectroscopy its
existence was corroborated due to the appearance of plasmas of absorbance in
characteristic wavelengths of this metal.

Fig. 7 Diffractogram obtained for a ceramic matrix and b nanocomposite obtained using
ceramic-matrix-AunNP’s
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It was taken into account that the AuNP’s synthesized have little stability, since
they tend to precipitate, reason why a deposition on a ceramic substrate was real-
ized, being effective. The AuNP’s powders were analyzed by XRD, SEM and EDS,
observing through XRD the presence of Au in small amounts.

It was observed by SEM that the AuNPs synthesized have sizes that fluctuate
within 13–70 nm and the micrographs of the obtained nanocomposite show that the
AuNPs are deposited on the substrate, anchored to the grains.
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Part II
Accident Tolerant Fuels for Light

Water Reactor



Effects of Ce Addition
on the Microstructure and Mechanical
Properties of Accident-Tolerance Fe-Cr-Al
Fuel Cladding Materials

Naimeng Liu, ZhongWu Zhang, Yang Zhang, Ye Cui, Dan Chen,
Yu Zhao, SongSong Xu and Hao Guo

Abstract Fe-Cr-Al alloys are promising materials for accident-tolerance fuel
cladding applications due to their excellent performance of oxidation and corrosion
resistance under elevated temperature. In this study, effects of the addition of a
small neutron absorption cross section rare-earth element Cerium (Ce) on the
microstructure and mechanical properties of Fe-Cr-Al alloys with 0–0.1 wt% Ce
have been investigated. As Ce content increased, the grains became size-refining
obviously and number of precipitates increased. The results of EDS showed that the
precipitates were mainly consisted of intermetallic compounds. Notably, the ulti-
mate tensile strength and elongation reached the optimized values when the content
of Ce was 0.02 wt%. However, the tensile properties decreased when Ce content
was above 0.05 wt%, which may be due to the excess of intermetallic compounds.

Keywords Fe-Cr-Al alloys ⋅ Cerium ⋅ Grain refinements ⋅ Incoherency
Mechanical properties

Introduction

FeCrAl ferritic alloys are highly considered as optional accident-tolerance fuel
cladding materials due to their more outstanding oxidation and corrosion resisting
ability exhibited under elevated temperatures compared to Zr-based alloys, which
may even cause hydrogen gas generation under the condition of losing coolant
accidents [1, 2]. Currently, the investigation focused on FeCrAl alloy is usually
based on developing the composition to optimize the mechanical properties as well
as maintaining adequate oxidation and corrosion resisting performance [1, 3–7].
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The rare earth element Cerium (Ce) is one of those alternative choices for
improving the compositions of FeCrAl alloys when considering the contribution of
addition of elements on both grain-refinement and neutron absorption cross sections
[8, 9]. Applications of Cerium in recent years are basically on stainless steels as
well as twinning induced plasticity (TWIP) steels [10, 11]. The results showed that
Cerium played a role of refining the size of grains by means of formatting the
globular inclusions, which act as nucleation sites or obstacles against the grain
growth. However, the interactions between intermetallic inclusions and size
refinement on grains and the effects of them on mechanical properties on room
temperature have not been fully investigated.

It is the purpose of this work to enlighten the internal laws and the effects of
various contents of Cerium addition (0–0.1 wt%) on the grain sizes, the distribution
of inclusions and tensile properties at room temperature. The relationships between
those compositions designed and the performance shown on both microstructure
and mechanical properties are also discussed.

Experimental Methods

Four FeCrAl-RE alloys containing 0, 0.02, 0.05 and 0.1 wt% Ce (denoted as 0 Ce,
0.02 Ce, 0.05 Ce and 0.1 Ce, respectively) were cast in an arc-melting furnace in the
atmosphere of Argon, and their compositions are showed in Table 1. The as-cast
ingots were hot rolled at 950 °C with a total reduction of 70%. After hot rolling,
four specimens were cold-rolled with a total reduction of 10%. The as-rolled alloys
were then annealed at 550 °C for 0.5 h.

The grain size, shape and the distribution of precipitation of all alloys produced
in this work were properly etched, observed and measured on a Carl Zeiss optical
microscopy (OM). The distribution of elements corresponded to the microstructure
were undertaken by an Oxford scanning electron microscopy (SEM) equipped with
energy spectrum analysis (EDS). Tensile tests were carried out with the loading axis
parallel to the rolling direction. Tensile testing specimens were shaped according to
ASTM standards shown in Fig. 1, and were tested at room temperature (25 °C)
with a tensile test machine.

Table 1 Nominal
compositions of FeCrAl-RE
alloys produced in this work
(wt%)

Designation Fe Cr Al Y Ce C

0-Ce Bal. 12 4.4 0.2 0 ≤ 0.02
0.02-Ce Bal. 12 4.4 0.2 0.02 ≤ 0.02
0.05-Ce Bal. 12 4.4 0.2 0.05 ≤ 0.02

0.1-Ce Bal. 12 4.4 0.2 0.1 ≤ 0.02
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Results and Discussion

Microstructure

Microstructure of Hot-Rolled Specimens

Figure 2 exhibits microstructures of 950 °C hot- rolled specimens with various
content of Ce. The as-rolled specimen showed a mainly coarse columnar grain
structure surrounded by some small-sized equiaxed grains, and some of the
inclusions are observed. Statistic analysis is performed for the results of average
diameters of the grains, showing those specimens get their grains refined comparing
to the Fe-12Cr-4.4Al-0.2Y one (Fig. 2a), as shown in Table 2. The distribution of
the inclusions is also corresponded with the different content of Ce, as the inclu-
sions dispersed when Ce is doped less than 0.02 wt%, and have a trend of

Fig. 1 Tensile testing
specimens processed
according to GB/T228.1-2010
standards

Fig. 2 Microstructures of 950 °C hot- rolled a 0-Ce, b 0.02-Ce, c 0.05-Ce and d 0.1-Ce
specimens
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centralizing on grain boundaries when Ce is doped more than 0.05 wt%. Almost no
inclusions are exhibited in Fe-12Cr-4.4Al-0.2Y specimens.

Microstructure of Cold-Rolled and Annealed Specimens

The microstructures of all four specimens after cold-rolling and annealing at 550 °C
for 0.5 h are shown in Fig. 3. As the statistic results shown in Table 3, the average
grain size becomes smaller than hot-rolled specimens, because the cold rolling
procedure came after hot rolling, making it a larger reduction in total. These results
also show a similar trend on grain sizes corresponded to the content of Ce as the
results on hot-rolled specimens have shown. The inclusions distribute in the matrix,
and appear near grain boundaries when Ce content is more than 0.02 wt%. The size
of inclusions is less than 2 μm.

Table 2 Values of average grain sizes on various hot-rolled specimens

Designation 0-Ce 0.02-Ce 0.05-Ce 0.1-Ce

Average grain size (μm) 161 ± 0.5 121 ± 0.5 116 ± 0.5 106 ± 0.5

Fig. 3 Microstructures of cold-rolled and annealed a 0-Ce, b 0.02-Ce, c 0.05-Ce and d 0.1-Ce
specimens
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Mechanical Properties

Tensile Test Results of Hot-Rolled Specimens

Figure 4 and Table 4 show the results of tensile tests at room temperature on all
specimens after 950 °C hot-rolling with various Cerium contents. Each of the
samples shown represents the average of three samples. Composition dependence
can be illustrated from the engineering stress-strain curves, as total elongation
values increase when the content of Ce is between 0.02 and 0.05 weight percent,
and reduce immediately when adding 0.1 wt% of Ce. For the magnitude of yield
strength (YS) and ultimate tensile strength (UTS) shown in Table, no distinct
dependence can be observed as their differences are less than 30 MPa.

Table 3 Values of average grain sizes on various cold-rolled and annealed specimens

Designation 0-Ce 0.02-Ce 0.05-Ce 0.1-Ce

Average grain size (μm) 94 ± 2.3 81 ± 2.3 76 ± 2.3 71 ± 2.3

Fig. 4 Engineering
stress-strain curves of various
hot-rolled specimens tested at
room temperature

Table 4 Values of tensile properties of various hot-rolled specimens tested at room temperature

Designation 0-Ce 0.02-Ce 0.05-Ce 0.1-Ce

Yield strength (MPa) 350.85 335.23 321.80 348.15
Ultimate tensile strength (MPa) 451.06 450.96 449.47 465.72

Elongation (%) 26.8 36.2 31.9 21.8
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Tensile Test Results of Cold-Rolled and Annealed Specimens

Tensile curves and magnitudes of YS, UTS and total elongation of cold-rolled and
annealed specimens are depicted in Fig. 5 and Table 5. When the specimens get
cold-rolled, their yield strength and ultimate tensile strength go upward, as their
values advanced 40–150 MPa, approximately. An analogous trend as hot-rolled
specimens on total elongation values can be shown, as they are on the increase
when the content of Ce is between 0.02 and 0.05 weight percent, and decrease
immediately when adding 0.1 wt% of Ce. However, it can be appreciated that the
ultimate tensile strength values decline continuously as the content of Ce increases.
Their largest disparity can be as many as 75.11 MPa. Nevertheless, their strength
values go up while elongations reduce as a consequence of work hardening.

Analysis on Distribution of Elements

In addition to pervious research, the present work has also taken a research on the
distribution of elements on both the matrix and the inclusions, in order to find their
regularities in more detail. Figure 6 and Table 6 shows the SEM image and EDS
analysis on the matrix of all specimens with various contents of Cerium. The

Fig. 5 Engineering
stress-strain curves of various
cold-rolled and annealed
specimens tested at room
temperature

Table 5 Values of tensile properties of various cold-rolled and annealed specimens tested at room
temperature

Designation 0-Ce 0.02-Ce 0.05-Ce 0.1-Ce

Yield strength (MPa) 532.63 455.86 433.21 459.84
Ultimate tensile strength (MPa) 581.20 531.87 491.53 506.09
Elongation (%) 21.4 21.6 21.3 12.1
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analysis of energy spectrum shows that there is little component difference between
specimens when taking Fe, Cr and Al into consideration, as the original proportion
of these elements is equal.

Figure 7 and Table 7 presents the SEM image and EDS analysis on the inclu-
sions of all Ce-doped specimens. It is Fe, Cr and Al constitute the main contents

Fig. 6 SEM image and EDS analysis on the matrix of a 0-Ce, b 0.02-Ce, c 0.05-Ce and d 0.1-Ce
specimens
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Table 6 Values of contents
in the matrix of all specimens
analyzed by EDS (wt%)

Composition Fe Cr Al C

0-Ce 82.86 12.69 4.46 –

0.02-Ce 78.79 13.03 4.30 Detectable
0.05-Ce 81.50 12.07 4.31 Detectable
0.1-Ce 83.13 12.35 4.52 –

Fig. 7 SEM image and EDS analysis on the inclusions of a 0.02-Ce, b 0.05-Ce and c 0.1-Ce
specimens
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and some peaks of C are observed, indicating that there could be some metallic
carbides like M23C6, M7C3 or M6C [12, 13], which have the proportion close to the
results.

Discussion on Relationships Between Inclusions
and Mechanical Performance

As described above, the mechanical properties of the present Fe-12Cr-4.4Al-0.2Y
alloys are modified by the increase of inclusions related to the content of Ce,
indicating the presence of the optimum range of Ce content. In particular, the
inclusions change from uniformly distributed to a trend of segregating to grain
boundaries, and their numbers are also boosted as the doping of Ce gets excessive.

The effects of Ce on refining have been investigated by Y. –U. Heo et al. who
put the refining effect as a consequence of the dragging force of the Ce-rich
compounds against the coalescence of the columnar grains [14]. Similar results on
average grain sizes can also be observed as it shown above. According to the
formula of Hall-Petch, the grain diameter has an inversely proportional effect on the
yield strength of the specimens. The yield strength is improved as the grains get
finer. Grain refining has a positive effect on improving the ductility as there are a
growing number of grains per unit volume. As a result, the deformation can be
dispersed to more grains, making it a homogeneous process preventing stress
concentration locally, and retarding the crack initiation eventually. However, as the
addition of Ce increases continuously, the size of inclusions are getting larger and
the distribution of inclusions changed to a state of segregation, thus degrading the
coherency of grain boundaries. Accordingly, their positions can be potential for
crack initiation. As a result, the mechanical performance on both strengths and
elongations reduced gradually when adding excessive Cerium.

Conclusion

Effects of Ce contents on both the microstructure and mechanical properties of
FeCrAl fuel cladding materials were investigated, and the following conclusions
were obtained:

Table 7 Values of contents
in the inclusions of all
Ce-doped specimens analyzed
by EDS (wt%)

Composition Fe Cr Al C

0.02-Ce 79.74 12.47 4.09 Detectable
0.05-Ce 79.92 12.37 4.17 Detectable
0.1-Ce 80.92 12.42 4.32 Detectable
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(1) The average grain size of Fe-12Cr-4.4Al-0.2Y alloy was remarkably refined as
the content of Ce increased. At the same time, intermetallic inclusions gradually
occurred, and their distribution changed from dispersing on the matrix to a
trend of segregating on grain boundaries when the addition of Ce was more
than 0.05 wt%.

(2) As the content of Ce increased, composition dependence can be illustrated on
the tensile properties of hot-rolled specimens, as total elongation values
increase when the content of Ce is between 0.02 and 0.05 weight percent, and
reduce immediately when adding 0.1 wt% of Ce. No distinct dependence can be
observed from the magnitude of yield strength and ultimate tensile strength as
their differences were within the margin of error. Analogous trend can also be
exhibited on the results of cold-rolled and annealed tensile specimens, as the
elongations are on the increase when the content of Ce is between 0.02 and 0.05
weight percent, and decrease immediately when adding 0.1 wt% of Ce. How-
ever, the margins on both the yield strength and the ultimate tensile strength
values declined continuously as the content of Ce increased.

(3) The addition of Ce had effects on both grain refining and inclusion modifica-
tions, and the mechanical performance got affected as a consequence. When the
doping of Ce was less than 0.02 wt%, the yield strength got improved due to
fine-grain strengthening and the ductility was also optimized as the concen-
tration of stress was avoided. However, when the doping of Ce was more than
0.05 wt%, the inclusions were in the state of incoherence with the matrix due to
their larger size and segregating distribution, and reduced the tensile properties
values eventually.
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Part III
Additive Manufacturing of Metals:

Fatigue and Fracture



Evaluation of the Mechanical Properties
of 15Cr-5Ni Stainless Steel Produced
by Direct Metal Laser Sintering

Davoud M. Jafarlou, Victor K. Champagne and Ian R. Grosse

Abstract This research work examines the mechanical behavior of 15Cr-5Ni
stainless steel parts produced by direct metal laser sintering (DMLS). The main
objective of this research is to identify the influence of low-temperature precipi-
tation hardening on tensile properties and fracture toughness of DMLS fabricated
specimens. Test specimens were fabricated according to ASTM E8/M8 and ASTM
E399 standards using EOS M290 laser sintering machine. Following DMLS
specimens were subjected to precipitation hardening for an hour at a temperature of
486 °C. To evaluate the influence of heat treatment on mechanical properties of the
DMLS produced parts, tension tests and linear-elastic plane-strain fracture tough-
ness tests were performed at the room temperature. Furthermore, microscopic
observation of fractured surface was performed to study the failure mechanisms in
more detail. The outcomes indicated that the post-DMLS heat treatment improves
mechanical properties in the terms of yield stress, Young’s modulus, and ultimate
tensile strength. However, this process has a negligible negative effect on the
ductility. Moreover, the fracture toughness test results indicated ductile fracture
mechanism in the DMLS produced specimens while the specimens were subjected
to precipitation hardening demonstrates brittle fracture.

Keywords Additive manufacturing ⋅ 15Cr-5Ni stainless steel
Precipitation hardening ⋅ Tensile properties ⋅ Fracture toughness
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Introduction

Precipitation-hardening (PH) stainless steels have found an extensive range of
applications in the aerospace, marine, chemical and petrochemical industries due to
the promising combination of high strength, relatively good ductility, exceptional
corrosion resistance and weldability [1]. In recent years some grades of stainless
steel are widely used in powder-based layer additive manufacturing (AM) [2].
Among powder-based systems, the direct metal laser sintering (DMLS) attracts
considerable attention due to the capability for rapid tooling and rapid prototyping
of geometrically complex metallic parts with short lead-times [3].

Components produced by DMLS exhibit significant variability in the values
obtained when measuring mechanical properties which are associated with a build
direction and layers orientation [2]. Furthermore, each location in an object pro-
duced through the sintering process experiences a different thermal history due to
the rapid melting and solidification. This nonuniformity in temperature distribution
leads to a nonhomogeneous microstructure, residual stresses, and anisotropy in
mechanical properties [4, 5]. One study of the mechanical properties of stainless
steel 316L parts produced by DMLS indicated that the build direction significantly
affects the bending strength and the elongation with no effect on the tensile strength
[6]. In addition, the authors found that an increase in layer thickness reduced the
tensile strength and elongation without compromising bending strength. Chatterjee
et al. [7] studied the effects of layer thickness and hatching distance on the density
and hardness of low carbon steel produced by DMLS and concluded that increasing
later thickness and hatching distance have a detrimental effect on density and
hardness because of pore formation.

One of the major issues in DMLS is the oxidation of sintered layers which
degrades interlayer bonding and causes problems such as balling effect (agglom-
eration of molten metal) and pore formation. Sintering in a vacuum or protective
atmosphere is the most popular technique to minimize oxidation, providing good
wetting and successful layer by layer fusion [8]. Gu and Shen [9] associated balling
defect to non-uniform heat distribution due to the low laser power and high scan
speed during DMLS of stainless steel 316L. They showed that increasing volu-
metric density of input energy, decreasing layer thickness and adding deoxidant
reduce the tendency of metal agglomeration. Moreover, to minimize this problem
an active control scheme and two beam approaches were developed to provide the
constant temperature at the beam focus and around the actual sintering area [10].

It is well established that accumulation of residual stresses in the metal com-
ponents produced by DMLS negatively affect their mechanical properties [11] and
dimensional tolerance [12]. These residual stresses are originated in parts due to the
temperature gradient and the cooldown phase of the molten top layer [13].
A number of researches have been carried out to minimize residual stress by
selecting suitable exposure parameters [14, 15], layer thickness and build plate
geometry [13], laser path optimization and preheating [12] and build plate heating
and reheating of melt pool [16].
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Although the optimization of the DMLS process parameters mitigates the
potential defects in some extent, growing importance for producing fully functional
parts necessitate the application of post-processing of DMLS parts. Thermal
treatment is one of the most common ex situ methods for microstructure tailoring
and relieving residual stresses of DMLS produced parts [17]. Simchi et al. [18] have
shown that heat treatment of a sintered iron-based part in 1260 °C for 30 min
improves microstructure homogeneity and density of a DMLS produced artifact. In
another study, Shiomi et al. [19] indicated that stress relieving heat treatment
effectively reduces the residual stress of SLM produced chrome molybdenum steel
parts by about 70%. The post-processing of DMLS produced components using hot
isostatic pressing (HIP) is also used as an effective method for densifying sintered
parts and minimizing tensile residual stresses [20].

In this research work we evaluated the mechanical properties of 15Cr-5Ni
stainless steel (15-5 PH SS) produced by DMLS using EOS M290 standard
machine. Tensile properties and fracture toughness of as-printed specimens were
measured based on ASTM E8/M8 and ASTM E399 standards. Subsequently,
as-printed specimens were subjected to low-temperature heat treatment for an hour
at a temperature of 486 °C to study the influence of precipitation hardening on the
mechanical properties of DMLS produced specimens.

Materials and Methods

Material

The base material utilized in the current research for fabrication of test specimens is
pre-alloyed 15-5 PH SS powder. This steel powder is manufactured by EOS GmbH
and has a spherical morphology and particle size distribution of 20–63 µm. The
chemical composition of 15-5 PH SS (in weight %: 15Cr, 5Ni, 4Cu, 1Mn, 1Si,
0.5Mo, 0.2Nb, 0.07C, balance Fe) is in accordance with the composition of DIN
1.4540 and UNS S15500.

Specimen Preparation

In this study, the influence of low-temperature heat treatment on the tensile strength
and plane strain fracture toughness of 15-5 PH SS was investigated. Therefore, two
categories of test specimens including as-printed and heat treated were prepared for
experimental examination. Test specimens were fabricated at the UMass AddFab
Laboratory using an EOS M290 standard machine. The machine is equipped with
400 W Yb (Ytterbium) fiber laser source operating at a wavelength of
1060–1100 nm. The process parameters including layer thickness, hatch spacing,
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laser spot size, and exposure speed were selected as 0.02 mm, 0.1 mm, 100 µm and
1000 mm/s, respectively. The build chamber was purged using nitrogen gas, and
the build plate was preheated to 100 °C. The fabrication of test specimens (Fig. 1)
was performed in XY-plane considering Z-axis as a build direction. The precipi-
tation hardening of as-printed specimens was carried out at 486 °C for an hour and
air cooled after removing the specimens from the build plate to avoid as much as
possible non-uniform heat absorption.

Experimental Procedure

Tension and fracture toughness tests were conducted in accordance with ASTM
standards E8/E8M [21] and E399 [22], respectively using a 50 kN Instron 3369
universal test machine at ambient temperature. Measurement of tensile properties
carried out in displacement control mode, producing constant strain rate of
approximately 10−3/s in the specimen’s gage section. The linear-elastic fracture
toughness was performed using compact tension C(T) specimens. A fatigue
pre-crack in C(T) specimens was produced by cyclically loading the notch speci-
mens using 10 kN Instron E10000 at stress ratio ðR= σmin ̸σmaxÞ of R = −1 at the
frequency of 10 Hz to give a fatigue pre-crack length of almost 1.3 mm.

Fig. 1 A typical batch of
tensile and fracture toughness
specimens produced by
DMLS
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Results and Discussion

Tensile Properties

Representative engineering stress-strain curves for the as-printed and heat-treated
specimens are given in Fig. 2. As-printed specimens represent well-defined yield
stress ðσyÞ of approximately 810 MPa, Young’s modulus (E) of 165 GPa and
average ultimate tensile strength ðσuÞ of 1223 MPa. Implementation of heat treat-
ment after DMLS improved the values of yield stress and Young’s modulus by
factor of 1.4. However, in terms of ultimate tensile strength ðσuÞ slight improve-
ment of 8% was measured for heat treated specimens. Moreover, the results did not
indicate the notable difference in ductility between as-printed and heat-treated
specimens. An average strain to failures ðεuÞ of 19% and 18% were measured in the
as-printed and heat-treated specimens, respectively.

An optical microscope was used to study the fractured surface of the as-printed
specimens (Fig. 3). As-printed specimens demonstrated ductile fracture mode by
showing “cup and cone” failure mode where shearing occurs at almost 45°. As
evident in these figures formation of large cracks which initiated at the core of the
specimens and from the surface of the specimens led to the fracture. Moreover, the
magnified view of fracture surfaces indicated that fracture initiated by the coales-
cence of micro-voids and micro-cracks. The occurrence of these defects was
correlated to the presence of defects in the surface of parts during sintering [23],
porous nature of DMLS produced parts and delamination of layers due to the lack
of fusion [8]. Furthermore, it is worth mentioning that skin and core strategy has
been used to produce the specimens. The varying laser parameters used for core and
skin of the specimens can act as a source of crack initiation.

The tensile fracture surface of heat treated specimens (Fig. 4) demonstrate the
wide difference in the terms of micropores, number of cracks, size of cracks, and
crack nucleation origin in comparison to the as-printed specimens (Fig. 3). Like
as-printed specimens, the fracture surface of heat treated specimens is characterized

Fig. 2 Measured room-temperature tensile deformation behavior of a as-printed and b heat
treated specimens
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by ductile fracture with the formation of shear lips. However, the heat-treated
specimens fracture surfaces showed highly localized plastic deformation regions
and appearance of quasi-cleavage facets with ductile tear ridges. The differences
measured in the mechanical properties are consistent with the differences observed
in the tensile fracture surfaces.

Fig. 3 Overall and magnified views of the tensile fracture surface of as-printed specimens a,
b specimen 1, c, d specimen 2, and e, f specimen 3

Fig. 4 Overall and magnified views of the tensile fracture surface of heat-treated specimens a,
b specimen 1, c, d specimen 2, and e, f specimen 3
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Work Hardening Behavior

As can be seen from the engineering stress-strain curve, both as-printed and
heat-treated specimens demonstrated significant plastic deformation zone which is
expressed by Hollomon’s equation for σ ≤ σy as [24]:

σ = kϵn ð1Þ

where σ is the true stress, ϵ is the true strain, n is the strain hardening exponent, and
K is the strength coefficient. To calculate the n and k values, the true strain-stress
curves were obtained and these values were calculated using following equations
[24]:

n=
N∑N

i=1 ðlog ϵi log σiÞ− ∑N
i=1 log ϵi

� �
∑N

i=1 log σi
� �

N∑N
i=1 log ϵið Þ2 − ∑N

i=1 log ϵi
� �2 ð2Þ

log k=
∑N

i=1 ðlog σiÞ− n∑N
i=1 log ϵi

N
ð3Þ

where N is the number of data pairs. The average values of n were calculated as
0.19 and 0.11 for as-printed and heat-treated specimens, respectively. The evaluated
average k values were 1798 MPa for as-printed specimens and 1810 MPa for and
heat-treated specimens. It is well understood that upon aging treatment of PH
stainless steel (15-5 and 17-4 PH stainless steel) in the temperature above 400 °C
formation of Cu-enriched strengthening participants occurs in the martensite matrix
of basal materials. This process takes place through a transformation of bcc to fcc
structure through the intermediate twinned-9R structure by subsequent untwining
and formation of 3R structure (bcc → twinned 9R → 3R → fcc) [25]. This
hardening mechanism explains the improvement in yield stress, ultimate strength,
and strength coefficient as well as a decrease in the ductility and the work
hardening exponent.

Fracture Toughness

To determine fracture toughness ðKICÞ, the load-displacement curves for the as
printed and heat-treated specimens were determined as presented in Fig. 5. The
load-displacement curve of as-printed specimens (Fig. 5a) demonstrated ductile
fracture mechanisms owing to the important influence of strain hardening (the work
hardening exponent of 0.19 was measured for as-printed specimens) on crack
extension behavior during the loading procedure. However, the pre-cracked
heat-treated specimens resembled brittle fracture mechanism.
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The value of conditional fracture toughness ðKQÞ was calculated using the
following equation [22]:

KQ =
PQ

B
ffiffiffiffiffi
W

p ð2+ αÞ 0.886+ 4.64α− 13.32α2 + 14.72α3 − 5.6α4½ �
ð1− αÞ3 ̸2 ð4Þ

where PQ is the critical load (obtained by 5% secant method), B is the specimen
thickness and W is the specimen width. The value of α in this equation is deter-
mined as the ratio of the crack length (a) to specimen width (W). As-printed
specimens indicated invalid KIC values as the calculated KQ did not fulfill the
plane-strain requirements according to ASTM E399 [22]:

2.5 KQ ̸σy
� �2 ≤Band W − að Þ ð5Þ

and

Pmax

PQ
≤ 1.10 ð6Þ

where Pmax indicates the maximum force. The average conditional fracture
toughness ðKQÞ of 62MPa

ffiffiffiffi
m

p
was measured for the heat-treated specimens. The

plane strain condition according to Eqs. 5 and 6 was fulfilled for the heat-treated
specimens. Therefore, this value was considered as the fracture toughness ðKICÞ of
heat treated specimens. The fracture toughness test results indicated that precipi-
tation hardening of DMLS-produced 15-5 PH SS part alters the fracture mechanism
from ductile to brittle.

Fig. 5 Load-displacement curves of a as-printed and b heat treated specimens to determine PQ
and fracture toughness
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Conclusion

In this research work, the influence of low temperature precipitation-hardening
treatment on mechanical properties of 15Cr-5Ni stainless steel produced by the
direct metal laser sintering (DMLS) was studied. The research outcomes are
summarized as follows:

• The tension test outputs showed that the precipitation hardening at temperature
of 486 °C for an hour improves the yield stress and Young’s modulus of the
DMLS-produced specimens by factor of 1.4. Indeed, slight improvement of
approximately 8% was observed in ultimate tensile strength.

• The results also signified that precipitation hardening has a slight detrimental
effect on ductility of the DMLS-produced specimens. Moreover, work harden-
ing exponent of heat-treated specimens decreased by 42% in comparison to the
with as-printed ones.

• The microscopic observation demonstrated the wide difference between frac-
tured surfaces of the as-printed and heat-treated specimens in the terms of
micropores, number of cracks, size of cracks, and crack nucleation origin.

• An average fracture toughness ðKICÞ of 62MPa
ffiffiffiffi
m

p
was measured for

heat-treated specimens. However, the value of conditional fracture toughness for
as-printed specimens demonstrated ductile fracture mechanism which demon-
strate ductile to brittle transition due to the low temperature heat treatment.
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Creep and Thermomechanical Fatigue
of Functionally Graded Inconel 718
Produced by Additive Manufacturing

V. A. Popovich, E. V. Borisov, V. Heurtebise, T. Riemslag,
A. A. Popovich and V. Sh. Sufiiarov

Abstract Inconel 718 is a nickel-based superalloy commonly used in aircraft
engine and nuclear applications, where components experience severe mechanical
stresses. Due to the typical high temperature applications, Thermo-Mechanical
Fatigue (TMF) and creep tests are common benchmarks for such applications.
Additive manufacturing offers a unique way of manufacturing Inconel 718 with
high degree of design freedom. However, limited knowledge exists regarding the
resulting high temperature properties. The objective of this work is to evaluate
creep and TMF behaviour of Inconel 718, produced by selective laser melting
(SLM). A novel microstructural design, allowing for grain size control was
employed in this study. The obtained functionally graded Inconel 718, exhibiting
core with coarse and outside shell with fine grained microstructure, allowed for the
best trade-off between creep and fatigue performance. The post heat-treatment
regimens and resulting microstructures are also evaluated and its influence on creep
and TMF is discussed.
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Introduction

Inconel 718 is a precipitate strengthened nickel-based superalloy, which is com-
monly used in aerospace applications, where severe mechanical and thermal
stresses are induced on a component. Inconel 718 is characterized by high strength,
excellent creep, oxidation and corrosion resistance up to 700 °C, making it suitable
for turbine, jet engine and nuclear reactor applications [1–3].

Conventional manufacturing routes of nickel-based alloys include casting,
forging and powder metallurgy. However, near net shaping of complex components
is difficult using such methods [4]. Recently, additive manufacturing (AM), such as
selective laser melting (SLM), received a lot of attention, as it allows for several
advantages compared to conventional technologies, like reduction of production
steps, high flexibility, low material consumption and, most importantly, the pos-
sibility to manufacture parts with high geometrical complexity and dimensional
accuracy [5, 6].

It is known, that the grain size is a typical way of controlling mechanical
properties, including those of Inconel alloy 718 [7, 8], where coarser grained
microstructure is favoured for creep strength and crack-growth resistance, while
finer-grained structure for better fatigue life and tensile yield strength. In our pre-
vious study [9], a novel functionally graded Inconel 718 was produced with local
functionalities via crystallographic texture, grain size and anisotropy optimization.
It was shown that the grain structure and crystallographic texture of Inconel 718 can
be changed during SLM processing by adapting the scanning strategy and the local
solidification conditions. Furthermore, the effect of heat treatment has been
investigated [10] and the results showed the capability of the SLM process to
produce parts with mechanical properties better than conventional Inconel material.

The aim of this study is to investigate high temperature mechanical behaviour,
such as creep and thermo-mechanical fatigue in order to fully explore the benefits of
microstructural design in SLM Inconel 718. The effect of heat treatment on
microstructure and high temperature mechanical behaviour is also evaluated and
compared with conventional wrought Inconel 718.

Experimental Details

Materials and Heat Treatment

For manufacturing of the SLM specimens, (see Table 1 for process parameters) an
SLM 280HL facility (SML Solutions Group AG, Germany) featuring two
YLR-lasers with a wavelength of 1070 nm and a maximum output power of 400
and 1000 W was employed. Laser power of 250 and 950 W was used to produce
different areas within functionally graded cylindrical rods of 140 mm × Ø 14 mm
(Fig. 1), further referred as FGM samples. The Z-axis was defined parallel to the
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building direction, whereas each layer was deposited parallel to the XY-plane with
the laser scanning at 45° between X and Y.

Post heat treatment was applied to examine the effect on microstructure and
mechanical properties of Inconel 718 with tailored microstructure. The samples
were investigated under “as-processed” and “heat treated (HT)” conditions, com-
plying with AMS 5664E requirements [11] (see Table 2 for heat treatment details).
In order to avoid contamination with oxygen, all heat treatments were conducted in
argon atmospheres.

Samples of each of the heat treated conditions taken from YZ and XY planes
were prepared for microstructural examination by grinding and polishing down to
1 µm. In order to reveal grain size and morphology, the specimens were etched in
Glyceregia reagent (15 ml HCl, 10 ml glycerol and 5 ml HNO3). Optical micro-
scopy was carried out on a Keyence VHX-5000 for microstructure and porosity

Table 1 Process parameters applied for SLM fabrication of specimens [10]

Laser
power (W)

Laser scanning
speed (mm/s)

Hatch
distance
(mm)

Layer
thickness
(µm)

Volume energy
density (J/mm3)

250 700 0.12 50 59.5
950 320 0.5 100 59.4

Core: coarse elongated grains (950W)

Shell: fine equiaxed grains (250W) 

140 mm

14 mm
Building Direction (BD) 

Fig. 1 SLM fabricated functionally graded Inconel 718 using a variation of 250 and 950 W laser
sources

Table 2 Designation of specimens and heat treatment parameters used for Inconel 718

Designation Heat treatment Details

As-processed
(AP)

– 250, 950 W or Functionally Graded (FGM), see
Fig. 1

Heat treated
(HT)

Annealing + Aging ∙ Annealed at 850 °C, 2 h (air cooling)
∙ Aged for 8 h at 720 °C, furnace cooling to
621 °C and holding for 8 h followed by air
cooling

Wrought
Inconel 718
(Wrought)

Annealing + Aging ∙ Solution annealed at 955 °C (1 h)
∙ Aged for 8 h at 720 °C and furnace cooling to
621 °C and holding for 8 h followed by air
cooling
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investigation. A JEOL JSM 6500F scanning electron microscope (SEM) with
energy-dispersive spectroscopy was used for fracture surface analysis. Vickers
hardness profile measurements were performed under 3 kg force (further denoted as
HV3). X-ray diffraction (XRD) patterns were obtained using Brukker D8 diffrac-
tometer with CoKα radiation (λ = 1.79020 Å). Diffraction patterns were recorded
within the 2θ range from 10° to 120° with a step size of 0.035°. The X-ray beam
was collimated to a spot size of 3 mm in diameter on the sample surface.

Creep and Thermomechanical Fatigue Testing

For creep and Thermo-Mechanical Fatigue (TMF) testing the round dogbone
specimens were machined parallel to building direction as shown in Fig. 2a. Creep
rupture and TMF testing were conducted on a servo hydraulic MTS 858 Table Top
System, where induction heating and forced air cooling are used in order to cycle
the temperature, Fig. 2b. During the tests the temperature was controlled by three
thermocouples, which were in contact with the gauge of the specimen. The strain
was monitored by the ceramic rod extensometer.

Creep rupture tests were performed at a constant tensile stress of 690 MPa and
temperature of 650 °C, according to ASTM E139 standard [12]. Average creep
properties were calculated based on 3 samples tested per process condition. After
creep rupture the samples were prepared for fractography analysis.

Strain controlled in-phase thermo-mechanical fatigue (IP-TMF) tests were per-
formed with temperature cycling between 350 and 650 °C at a frequency R = εmin/
εmax = −1 and a strain amplitude of ±0.45%. Strain was measured by an axial
extensometer and all tests were done in mechanical strain control (i.e. with a fixed
total strain range compensated for thermal expansion Δε = εmax − εmin). TMF
testing was performed per process condition at a cooling and heating rate of 1 °C/s
with a holding time at Tmax of 300 s.

Building Direction (BD) 

Specimen

Induction 

A
ir 

bl
ow

in
g 

no
zz

le

Ceramic rod 
extensometer

(a) (b)

Fig. 2 Schematic of the creep and TMF test specimen and high frequency setup
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Results and Discussion

Microstructural Characterization

Figure 3 shows optical microscopy images of the microstructure of Inconel 718
samples processed with the 950 and 250 W laser sources, further referred to as 950
and 250 W samples. As can be seen, the 250 W samples show a finer grained
microstructure compared to the samples processed with the higher energy laser
(Fig. 3a and b). Furthermore the microstructure of the part built with the 950 W
laser (Fig. 3b) shows the formation of large columnar grains, primarily aligned
along the building Z-axis with long axes approach the millimetre length range. In
our previous study it was shown that columnar grained region has elongated grains
with a (001) orientation with respect to building direction, i.e. the direction of
predominant heat flux during processing. The observed microstructural differences
were used to develop functional materials by modulating the laser scan strategy and
process parameters [9] and resulting in a material featuring the core produced with
coarse grains, while shell with fine grained microstructure (Fig. 3e, top view).

As previously shown, there is a formation of NbC and Laves-phase particles in
the as-processed material [10]. Laves usually forms in heavily segregated regions
and is known to reduce the mechanical properties of Inconel 718 through several
mechanisms with the most dominant being brittle fracture of the phase, that pro-
vides the conditions for nucleation and crack growth. The presence of Laves phase
in as-processed condition was further confirmed in this study by XRD, see Fig. 4.

In order to avoid the occurrence of such undesired microstructural features,
post-processing heat treatment in a form of solution treatment and double aging
were performed. The microstructure after heat treatment (see Fig. 3c, d, f) main-
tained its columnar nature and traces of layered build up. Furthermore, as can be
seen in Fig. 3d, 950 W condition shows considerably larger process induced
defects. The Laves phases on the other hand seem to transform into a needle-like
Ni3Nb-δ precipitates [10], which in this study is supported by XRD spectrum
shown in Fig. 4.

Porosity measured by optical metallographic method showed that there is four
times more porosity in 950 W samples (∼4.5%) as compared to 250 W ones
(∼1.1%), which is considered as process induced defects and its detrimental effect
on mechanical performance will be discussed in the next section.

Creep and Thermomechanical Fatigue Testing

Creep, porosity and hardness results for all tested materials are shown in Table 3,
where tf is the final time of fracture, εf is fracture strain and ε′s is steady state creep
rate. As expected [13, 14], the coarse grained microstructure is more creep resistant
with respect to fracture strain (by a factor of three for heat treated condition).
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However, due to high scatter in results no clear conclusions can be drawn regarding
the other creep parameters, such as creep life. It is believed that the high scatter is
caused by the larger amount of process induced defects (porosity) observed in
950 W samples. The other explanation could be that in this temperature and stress
range there is no grain size effect and a further research at lower stress and tem-
perature level is recommended in order to evaluate the possible threshold level.

As can be seen, heat treatment substantially improves creep properties of SLM
produced material. An increase of hardness by 40% for the as-heat treated condition
is most likely attributable to precipitation hardening by plates of δ-phase (see Fig. 4
and [10]), which acts as a barrier for dislocation motion, thus improving hardness

BD

BD

200 μm
200 μm

200 μm 200 μm

200 μm 200 μm

(a)

(a)

(b)

(c) (d)

(e) (f)

Fig. 3 Optical micrographs of SLM Inconel 718 specimens: a and b as-processed 250 and
950 W; c and d heat treated 250 and 950 W; e and f as-processed and heat treated functionally
graded material. Images (a)–(d) depict top YZ plane, while images (e)–(f) show top XY plane,
with 950 W zone located in the core
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and creep properties. Conversely, a significant reduction in creep fracture strain, can
be explained by the presence of large carbides. As discussed in work [15], at this
high temperature level, creep properties of Inconel alloy rather depend on applied
stress than the grain size. Hence, for these testing conditions, heat treatment seems
to be the most dominant factor controlling the creep life of SLM produced material.
Furthermore, when compared with the reference wrought Inconel, it is evident that
the lifetime of AM material should be significantly improved, which might be
possible by reducing process induced defects. Hence, for final application of the
higher energy laser source it is required to further optimize processing parameters
and/or apply post processing hot isostatic pressing in order to reduce porosity.

Fracture surface of crept specimens is shown in Fig. 5. As can be seen, wrought
Inconel exhibits ductile fracture with characteristic dimpled fracture and typical
microvoid coalescence (Fig. 5a and b). SLM Inconel produced with 250 W
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Fig. 4 XRD patterns showing reference wrought Inconel 718, as-processed (AP) and heat treated
(HT) Inconel 718 produced via SLM with 250 and 950 W laser sources

Table 3 Creep results for 650 °C at a stress of 690 MPa

Specimen tf (h) εf (%) ε′s (1/h) Porosity (%) Hardness, HV3

250 W/950 W

250 W–AP 0.04 ± 0.04 15.6 ± 0.067 3.984 ± 2.70 1.1 303
250 W–HT 1.43 ± 0.58 4.0 ± 0.006 0.014 ± 0.006 1 446
950 W–AP Fractured before reaching maximum stress of

690 MPa
4.5 290

950 W–HT 1.23 ± 0.80 12.3 ± 0.057 0.031 ± 0.034 4.1 415
FGM–AP 0.17 ± 0.18 17.3 ± 0.062 1.596 ± 1.491 0.3 312/294
FGM–HT 0.53 ± 0.23 9.0 ± 0.014 0.071 ± 0.031 0.4 449/426
Wrought 25.27 ± 10.32 18.8 ± 0.066 0.004 ± 0.001 0.2 424
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(fine grained microstructure) shows signs of ductile fracture with areas of cleavage
planes associated with the location of brittle Laves phases (Fig. 5c and d). Inconel
produced with 950 W (coarse grained microstructure) failed before reaching
maximum stress level. Fracture surface of this material exhibits process induced
pores and defects, which serve as stress concentrations inducing premature failure
and thus resulting in interrupted creep test and thus p its poor creep properties
(Fig. 5e and f).

(a) (b)

(c) (d)

(e) (f)

Fig. 5 Fracture surface of Inconel 718 after creep test at 650 °C and 690 MPa: a and b Wrought
Inconel; c and d SLM produced with 250 W; e and f SLM produced with 950 W
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Fractographic images of heat treated and FGM samples are shown in Fig. 6. One
can see that 250 W (fine graded microstructure) has intergranular fracture with
secondary cracks initiating at the grain boundaries (Fig. 6a and b). Parallel slips
appearing within the same grain and cracks visible near the boundary (Fig. 5b)
confirm a typical appearance of pure creep fracture surfaces. Contrary to 250 W
specimens, 950 W condition shows microvoid coalescence indicating ductile mode,
which might be attributed to the high density of process induced defect, resulting in
insufficient time for creep mechanisms initiation. It should also be noted, that
950 W specimens have a coarse grained microstructure with grain orientation
parallel to loading direction and there might be no grain boundaries present in the
highest stress area (corresponding to pores and inclusions, see Fig. 7b). This
observation is further confirmed in FGM samples (Fig. 6e–g), showing a clear
transition, indicated by the black dashed line, from intergranular fracture (outside
shell corresponding to 250 W) to ductile fracture (core corresponding to 950 W).
A cross sectional investigation of crept specimens cut along the loading direction is
advised for future work in order to get a deeper understanding of creep damage
mechanisms acting in SLM processed material.

Thermomechanical fatigue (TMF) testing was performed in order to get closer to
the actual turbine blades operational conditions. Thermomechanical fatigue crack

(a) (b)

(c) (d)

(e) (f) (g)

Fig. 6 Fracture surface of heat treated SLM produced Inconel 718 after creep testing at 650 °C
and 690 MPa: a and b 250 W; c and d 950 W; e and f Functionally graded with core 950 W
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growth is more complicated than pure fatigue crack growth because it includes time
dependent material behaviour characteristics such as creep and oxidation.
Increasing temperature will activate specific mechanisms that can cause more
damage than what would be expected by the individual contributions acting
alone [15].

TMF results for fine and coarse grained SLM Inconel are shown in Table 4. As
expected, samples produced with 950 W show short fatigue lifes as a result of large
surface pores serving as crack initiation points. Cracks initiated at the surface pores
result in a sudden force drop and final premature failure. On the other hand, samples
produced with 250 W exhibit better TMF properties, which is explained by the
small grain size and lower porosity. It should also be noted, that as heat-treated
condition shows substantial increase in fatigue life. This lifetime increase can be
explained by the dissolution of brittle Laves phase as well as the presence of the
δ-phase at the grain boundaries, which provide restrictions to the grain boundary
movement such as sliding [16]. Hence, grain boundary phases precipitated by heat
treatment act as a barrier for dislocation motion, thus improving the high temper-
ature properties of SLM built material.

An interesting observation was found for functionally graded material (FGM).
As can be seen (Table 4), as-processed FGM samples show similar to pure matrix
250 W fatigue life properties, which indicates that outside shell (produced with fine
grained 250 W) is the main microstructural zone controlling fatigue crack initiation

(a) (b)

Fig. 7 Fracture surface of heat treated SLM produced Inconel 718, depicting a intergranular
fracture around inclusion for 250 W and b ductile fracture around inclusion for 950 W

Table 4 In-phase thermomechanical fatigue (IP-TMF) data conducted between 350 and 650 °C

Specimen Time until failure (h) Cycles until failure Porosity (%)

250 W–AP 103.3 621 1.1
250 W–HT 207.6 1246 1
950 W–AP 0.7 2 4.5
950 W–HT 45.7 275 4.1
FGM–AP 98.5 608 0.3
FGM–HT 407.2 2244 0.4
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and growth and thus fatigue lifetime. A different fracture (crack growth) develop-
ment has been observed for heat treated FGM sample, which shows superior to both
250 and 950 W lifetime properties. For this condition, during the initial 6 h under
TMF loading, a pronounced decrease in developed tensile load levels has been
observed, with a subsequent stabilisation. The load drop is indicating on specimen
stiffness decrease due to the development of a TMF crack, whereas the load sta-
bilization could be a result of possible crack arrest. Previous studies of nickel-based
superalloys [17] showed that cracks which propagate along tortuous paths exhibit
longer fatigue life than cracks with lesser deviation. Hence, obstructions such as
grain boundaries, precipitates or graded interfaces may assist crack deflections into
positions that cause crack arrest. This theory can explain behaviour of functionally
graded material, where cracks that deviate into positions perpendicular to the
loading direction (hence to core 950 W) no longer have a driving force to cause
crack extension. Hence, instead of pure mode one loading of a crack growing
perpendicular to the loading direction, small deviations create a mixed mode
condition, decreasing the driving force, and slowing the crack growth rate. The
proposed theory of crack arrest at graded interphase should be further investigated
via fracture surface analysis and expended TMF testing. Furthermore, TMF testing
of wrought Inconel should be performed in order to assess the possible benefits of
AM functional grading.

Conclusions

A study of creep and thermomechanical fatigue of Inconel 718 produced by
additive manufacturing has led to the following conclusions:

• Post-processing heat treatment in a form of solution treatment and double aging
resulted in transformation of brittle Laves phase into a needle-like Ni3Nb-δ
precipitates.

• Creep properties of SLM produced Inconel do not show significant grain size
effect, which might be attributed to high scatter in results caused by process
induced pores observed in 950 W samples. Heat treatment, on the other hand,
substantially improves creep properties, which is related to dissolution of Laves
phase and precipitation hardening by plates of δ-phase, acting as a barrier for
dislocation motion.

• There are two different fracture mechanisms observed in crept specimens:
ductile fracture for 950 W and intergranular fracture for 250 W. It is suggested,
that there is insufficient time for creep mechanisms initiation in 950 W samples
exhibiting high density of process induced defects.

• Thermomechanical fatigue life of 950 W is lower than that of 250 W, which is
due to larger grains and surface pores serving as crack initiation points. Heat
treatment increases fatigue life by a factor of two.
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• As-processed functionally graded material shows similar to pure matrix 250 W
fatigue life, indicating that outside shell (produced with fine grained 250 W) is
the main fatigue crack controlling zone.

• A substantial increase in TMF lifetime (by a factor of 4) is observed for heat
treated FGM condition. A theory is proposed where functionally graded inter-
face allows cracks to deviate into positions perpendicular to the loading direc-
tion (hence to core 950 W) thus reducing the driving force for further crack
extension.

Further investigations of fracture surfaces as well as expended TMF testing will
be performed in order to fully assess the possible benefits of AM functional
grading.
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Part IV
Additive Manufacturing: Building

the Pathway towards Process
and Material Qualification



Defect Detection in LENS AM Using In
Situ Thermal Camera Process Monitoring

Tom Stockman, Judith Schneider, Cameron Knapp,
Kevin Henderson and John Carpenter

Abstract This study utilizes in situ thermal imaging to monitor the melt pool
during a LENS additive manufacturing (AM) process. A software tool is created
which gathers metrics for each frame and summarizes them over every build.
Plotted metrics allow a user to visually inspect the data, but the software tool also
automatically identifies anomalies and flags them for further review. Anomalies are
then correlated to physical locations in the build which are inspected for defects.
This type of process monitoring could lead to fast detection of defects during a
build, thus increasing the confidence in production quality and eliminating the
acceptance of parts with abnormalities. An anomalous event was identified by the
software tool and investigated with X-ray computed tomography. Defects were
observed in the location identified by the software tool.

Keywords Process monitoring ⋅ LENS ⋅ Additive manufacturing

Introduction

AM is rapidly being integrated into production environments where parts must not
only conform to specific geometrical tolerances but also perform structurally under
significant stress and fatigue. Such a shift from prototyping to end-use products has
increased demand for rigorous quality control [1]. The aerospace industry, for
example, has begun adoption of AM parts into rocket engines where constant
vibration makes fatigue a critical component to part performance. Such perfor-
mance requirements mean that defects within the part can be detrimental. The term
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“defect” refers to a wide range of features that can be used to describe an anomaly
in a build which would likely reduce its structural performance. Such defects could
include, but are not limited to, lack of fusion, delamination, surface roughness, and
unusually large or misshapen porosity [2]. This study focuses on Laser Engineered
Net Shaping (LENS) which is a freeform AM process in which metallic powder is
blown through nozzles into the path of a laser forming a melt pool.

In this study, the process is monitored using a camera with a two-color
pyrometer to detect changes in the melt pool temperature profile during a build. As
the metal is deposited onto a build plate, the camera records the temperature dis-
tribution within the melt pool region. Each frame from the camera is analyzed
looking for anomalous behavior which is correlated to a location in the build. That
location is then scanned using X-ray Computed Tomography (XCT) to investigate
the abnormality.

Uses of high speed cameras, with framerates on the order of 5000 Hz, have been
reported for in-situ process monitoring of AM processes [3, 4]. This study, how-
ever, uses a very low framerate (9.310 Hz) in an attempt to explore solutions which
would be more readily accepted into a production environment. This lower fram-
erate allows rapid processing of the data and extraction of a wide range of features
from each frame without significant computational burden. By correlating the data
obtained with defects in actual parts, the combination of metrics gathered from each
frame can be identified as signatures of particular defect type. Although it is pos-
sible to miss defects with signatures on a timescale or length scale small enough to
fit between frames. Continued in-situ and ex-situ analysis are needed to determine
the false positive and false negative rates of any software tool developed.

Experimentation

The LENS machine used in this study was an Optomec LENS MR-7 [5] which is a
blown powder system with 3 axis control housed within a glovebox as shown in
Fig. 1. The base moves in X and Y while the deposition head moves in Z. The MR-7
is equipped with a 1 kW IPG fiber laser in an enclosed argon atmosphere (<10 ppm
O2). Several diagnostic tools have been installed in the machine, including a
ThermalViz camera system used in this study. The camera uses a two-color
pyrometer with 950 and <950 nm wavelengths, overlaying two discreet sensors to
correct for emissivity. A tungsten filament is used to calibrate the temperature
measurements with a linear temperature-radiance ratio. The data was sampled at
9.310 Hz, the maximum rate of the camera, with an exposure time of 20 ms. The
pyrometer looks directly down onto the build plate coaxial with the laser.

The power delivered from the MR-7 LENS laser was 808 W focused at a
distance of 0.9525 cm and with a powder feed rate of 33.7 g/min. Powders used
were 304L with an average size of 100 μm. The dwell time for the laser starting
each pass was 20 ms, and the travel speed of the table was 101.6 cm/min. The
length of each pass was 5.08 cm with a 0.102 cm hatch spacing for the second pass
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deposited next to the first as illustrated in Fig. 2. Parameters were selected to create
a fully dense deposit with no effort made to ‘insert’ a known population of defects.
The print geometry used in this study was 5.08 cm long by 0.102 cm wide and
0.076 cm high.

In Situ Analysis

ThermalViz software was used to convert the data files from the camera into comma
separated value (CSV) format. A custom Python script was used to process the
CSVs. For each frame, a “summary image” is generated which compiles four
different views of the data as shown in Fig. 3: (a) a colorized heat map, (b) the melt
pool isolated with several features drawn on top of it, (c) a contoured heat map, and

Fig. 1 a Shows the ThermalViz pyrometer looking down coaxial with the laser. b Shows the
MR-7 schematic
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(d) a listing of several metrics recorded from that frame with an X direction plot of
the temperature profile through the center of the melt pool (the blue circle in (b))
(Fig. 3). The contours are interpreted using the “prism” scale shown in Fig. 4.

The melt pool is generated by thresholding the original image to only pixels
above a certain temperature value. In this case 1500 °C was chosen as the threshold
temperature. This is slightly above the 1340 °C melting temperature of 304L which
was chosen to ensure the identified region was molten. It is worth noting that the

Fig. 2 Deposition plan used, 5.08 cm long, 2 layers deposited in alternating directions spaced
0.1016 cm apart

Fig. 3 A typical “Summary Image”. a heat map, b molten pool, c contoured heat map, d frame
metrics. The scale shown in (a) is the same for (b) and (c)
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collection of these metrics from the melt pool region are not necessarily meant to be
physically significant. The purpose of the analysis is to spatially resolve the location
of anomalies and outliers; thus only consistency is required.

Once thresholded, the molten pool area is blurred. Unlike the colorized contour
plot, a blur is required so that the software can draw a defined solid line around the
region of interest. From the blurred molten pool the following metrics are gathered:
center of mass, area, minimum bounding rectangle. These metrics are determined
using the python library OpenCV and are summarized in Table 1.

Fig. 4 Matplotlib color map “prism” set to repeat approximately every 150 °C. The maximum
temperature recorded in Fig. 3c was 1784 °C and can be seen visually by the number of repeating
color bands across the contours to the final red color in the center of the molten pool

Table 1 Metrics gathered from each frame with a brief description, typical measured values, and
anomalous frame values

Metric Description Mean St Dev Frame
83

Difference
from 83 to
mean (%)

Distance
(pixels)

Distance from molten pool
CoM to pixel center of
image

26.10 8.36 21.47 −17.80

X offset
(pixels)

X direction component of
distance

20.68 9.76 19.00 −8.10

Y offset
(pixels)

Y direction component of
distance

−13.98 6.36 −10.00 −28.50

Area
(pixels2)

Sum of molten pixel areas 16767.41 3644.96 3587.00 −78.60

Length
(pixels)

Length of smallest bounding
rectangle around molten
pool

166.96 16.69 107.35 −35.70

Width
(pixels)

Width of smallest bounding
rectangle around molten
pool

126.66 19.28 48.66 −61.60

Aspect ratio
(Length/
Width)

Length/Width parameters
specified above

1.34 0.19 2.21 64.70

Max Temp
(°C)

Maximum temperature in
image

1717.03 78.74 1540.18 −10.30

Heating Rate
(°C/pixel)

Temperature rate of change
on leading edge of molten
pool

4.04 0.76 1.67 −58.70

Cooling
Rate (°C/
pixel)

Temperature rate of change
on trailing edge of molten
pool

5.84 1.43 2.08 −64.40
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Two metrics are gathered from the area just outside the molten pool which are
called the “Heating Rate” and “Cooling Rate”. These are created by thresholding
the original image to isolate pixels in the temperature range of 1450–1500 °C. The
range of 50 °C was selected to be broad enough to be significant, but narrow
enough that temperature profile in this range would be linear. This 50 °C band
around the melt pool is blurred so that contours can be drawn, and the thickness of
the contour measured on both the leading and trailing edge of the molten pool. The
pixel thickness of each is then divided by the temperature span of 50 °C to get a
cooling rate in °C/pixel. This can later be converted to °C/m using the actual length
of the image pixels and then into °C/s using the m/s table travel speed. An algo-
rithm was developed to determine the direction of travel which was used to dif-
ferentiate the “Heating Rate” from the “Cooling Rate”.

In this study potential defects are identified by searching for statistical anomalies
in the recorded metrics. After metrics are gathered for each frame, they are plotted
and outliers are identified. For this initial study, anomalies are identified relative
only to the data set of the current build. For each metric summarized in Table 1, the
data is first analyzed while looking for data points which are more than four
standard deviations from the mean. The frame location of these outliers is recorded,
and those data points are removed from the data set. After the removal of extremes,
the mean and standard deviations are recalculated, and any data points outside two
standard deviations are also recorded. If a frame is identified as an outlier in more
than three metrics, it is automatically flagged as an anomaly. Frames which are
flagged as anomalies are then correlated to a location in the build so that XCT scans
can be performed to look for defects. Figure 5 shows an example plot of the
processed data with lines drawn to show one and two standard deviations away
from the mean. Similar plots were generated for every metric gathered.

To guide the XCT scans, the location of the captured frame to a location in the
build must be identified. However the LENS machine does not timestamp the
frames thus there is no time/position data recorded. To provide this correlation, a
combination of build path parameters and signatures in the thermal data are used to
make an appropriate correlation. The passes in each build alternate in the negative
and positive X directions as illustrated in Fig. 2. There is a brief pause between
these passes while the machine adjusts in the Y direction. The pause is long enough
to generate several dark frames in the data. Thus whenever two to three frames are
missing this marks the beginning of a new pass which is assigned a pass number.
To determine the position of the frame within that pass, a camera framerate of
9.310 Hz is used. Thus by counting the number of frames from the start of the pass,
and knowing the travel speed of the table, the distance traveled can be calculated.

Because the time since the start of a pass is being used to calculate the position,
any uncertainty in the time also propagates into the position. Two sources of
uncertainty were quantified. First there is a uniformly distributed uncertainty about
the start time of the build. Although the time associated with the laser on is
unknown, it occurs sometime between the first frame where it is visible and the
frame immediately prior. This uncertainty will be present regardless of the fram-
erate of the camera, but the associated uncertainty scales inversely with the
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framerate. The second source of uncertainty is on the framerate itself. ThermalViz
reports the framerate at the end of a build as an average of the number of frames
taken over the total time it was running, but there is no information available on the
consistency of that framerate. A normal distribution with a 1% standard deviation
was assumed for the time between each frame meaning that this component of the
uncertainty grows with each consecutive frame after a new pass has begun. This
growth is modeled by a normal distribution about the sum of its constituent means
and with a variance equal to the sum of its constituent distribution variances [6].
However because the position of the start of each pass is known from the coding
input to the LENS machine, the growing component of the uncertainty can be reset
to 0 at the start of each pass, hence referred to as a baseline event. Figure 6 plots the
sum of these two uncertainties converted from time uncertainty to position uncer-
tainty by multiplying by the travel speed. The travel speed is assumed constant with
expected uncertainty of less than 1%. The three lines show three different confi-
dence levels which were considered when identifying the location of particular
frames.

Fig. 5 Molten pool area (pixels2) in each frame. Note that frame 83 falls outside of the standard
deviation range. Frame 48 (marked by an arrow) represents the average frame used for comparison
of melt pool size in Fig. 7
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Anomaly Detection Results

The analysis method used in this study identified two frames as anomalous: Frames
44 and 83. Frame 44 was omitted from further investigation as the camera is turned
on for some time before the build actually begins, and the 44th frame from the
camera initialization is the start of the build. The reason this frame flagged as
unusual is that unlike subsequent frames, the current frame was symmetrical
because the base plate had not yet begun to move. This made the shape, area, and
position of the melt pool flag as outliers in the analysis. Thus it is not recommend to
use the first frame of a build for outlier analysis.

Figure 7 shows the melt pools from summary image of Frame 83 which was
considered for further analysis and Frame 48 which is representative of the rest.
Frame 83 was flagged as an outlier in seven metrics: area, length, width, aspect
ratio, maximum temperature, heating rate, and cooling rate. Table 1 shows some
quantification of the metrics averaged over the whole build along with the specific
values of frame 83. Frames which flagged as outliers are italicized. A typical frame

Fig. 6 Quantified positional
uncertainty in the X direction
at three confidence levels.
Frame 83 from Fig. 5 is 10
frames since baseline. The
position of this frame is
known to within ±0.75 mm
with a 95% confidence

Fig. 7 Melt pools for a a normal frame (as seen in Fig. 3) and b Frame 83
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is shown in Fig. 7a in contrast with frame 83 shown in Fig. 7b. The molten pool is
visibly smaller and misshapen. Thus type of fluctuation could be due to anomalies
in powder flow or laser power. Changes in these critical parameters could cause
defects.

Ex-Situ Measurement

After the build was completed, it was inspected using an Xradia Micro Computed
Tomography (XCT) machine. The X-ray source was a Micro Focus Hamamatsu
operated at 40–150 kV acceleration voltage, 10 W total power, and 5 μm spot. The
detector was a 2048 × 2048 pixel camera coupled with a scintillator crystal lens.
The voxel dimension was 5 μm corresponding to a detectable defect size. The
TXMReconstructor software package (Carl Zeiss Microscopy, Inc.) was utilized for
tomogram reconstructions.

Figure 8 shows a lower density region or defect located near the identified area
for Frame 83 but outside of expected location uncertainty bounds. The image
shown is in the pass directly next to the location corresponding to Frame 83. Further
testing of the part is needed to determine if the abnormality detected affects the
structural property of the component.

Future Work

This study is on-going to identify abnormalities in the melt pool during a build.
Initially the data obtained will be evaluated with respect to an individual build. The
ability of the analysis tool developed demonstrated the ability to measure and
calculate several metrics from the acquired frames. The metrics were used to

Fig. 8 Density difference observed in XCT scan in area near location identified as Frame 83. Dark
gray areas marked as ‘voids’ indicate where density is lower than expected. The very dark area to
the top left is open air not inside the material. Both voids are ∼100 μm in diameter and, when
summed, are 40% of the normal melt pool diameter seen in Fig. 7
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identify anomalous behavior in a particular frame which can be correlated to a
specific location in the build.

As the database of abnormalities are continued to be collected and correlated
with impact on material properties this will provide a training dataset for subsequent
analysis. Using this training set, more sophisticated methods can be developed to
identify critical signatures in the data. Narrowing the required number of metrics
would allow for faster processing thereby facilitating real time analysis. If an
abnormality can be detected, the build can be terminated to reduce time in obtaining
an acceptable quality build.

This type of data processing would benefit from AM equipment equipped with a
time stamp. Although extrapolation of the position from the number of frames is
possible, accuracy would be improved by having a timestamp directly correlated to
a position within the build.
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Studying Hydrogen Embrittlement
in Nano-twinned Polycrystalline
Fe-12.5Mn-1.2C Austenitic Steel

Mahmoud Khedr, Wei Li and Xuejun Jin

Abstract Embedding austenitic structures with nano-twinned grains is a promising
technique to enhance its strength and ductility, nano twins can be introduced via
thermo-mechanical processing or via electro-deposition. In the current study,
ternary Fe-Mn-C austenitic steel was cold rolled then subjected to flash annealing to
keep some nano twins within the matrix. It was found that, the nano twinned
condition showed better resistance to Hydrogen embrittlement (HE) than the as
received state. In addition, notched samples charged with hydrogen were tensile
tested to investigate the contribution of the nano-twinned grains in impeding cracks
initiation/propagation, it was concluded that the prior twins distributed homoge-
neously the internal stresses inside the austenitic grains during the plastic defor-
mation, which prevented cracks propagation at earlier strain level, and this delayed
time till fracture happened.

Keywords Hydrogen embrittlement ⋅ Austenitic steels ⋅ Pre-induced twins

Introduction

Austenitic steels are famous with its usages in the applications related to serving in
hydrogen environment, however, improving its resistance to hydrogen embrittle-
ment(HE) is very important issue [1]. According to the literatures [2, 3], the HE
resistance of austenitic steels was improved by decreasing grains sizes or alloying
with Al. The target of the current work is to provide a new method to enhance the
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HE resistance of coarse grained high C-Mn steel via embedding the structure with
nano-scale twins.

Nanos-scale twins can be introduced to FCC structures via thermo-mechanical
processing or by electro-deposition [4, 5]. The nano-twinned structures showed
enhanced strength and ductility, in addition to retarding cracks propagation com-
pared with the not twinned grains [6], since that, twin boundaries are considered as
planar defects which can hinder dislocations mobility [7]. On the other hand,
existing of internal defects such as twins, work as hydrogen trapping sites, and it
may affect hydrogen diffusivity [2].

Experimental Work

Materials

In the current work, commercial Hadfield steel containing Fe, 1.15 wt% C and
12.45 wt% Mn was investigated, it contains single phase of austenite. The as
received condition was prepared by hot rolling followed by water quenching.

Introducing Nano Twin Plates via Cold Rolling
then Heat-Treating

To embed the austenite phase with deformation twins, cold rolling was performed.
The cold rolled specimens showed ductility less than 4% [8], so that, it was
annealed at 915 °C for 90 s, in order to reduce the micro-strains, while the short
time of annealing was selected to keep some nano twins within the structure, and to
avoid de-twinning associated with long holding time. The heat-treated samples are
named CR90.

Hydrogen Charging and Tensile Testing

Hydrogen charging was carried out via electro-chemical charging in aqueous
solution of 3% NaOH and 3 g/l NH4SCN with 16.8 mA/cm2 current density, for
24 h at 80 °C. A platinum wire was used as a counter electrode.

Samples for tension test were prepared according to the ASTM standard
(E 8M-03) with gauge dimensions of 25 × 6 × 1 mm3, tested at slow strain rate
(SSRT) of 4 × 10−5 s−1. Using of the notched specimens during the tension test is
an indicator of crack initiation and propagation sites [9]. Details about notch
dimensions were presented elsewhere [10].
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Characterization

The characterizations of the microstructure of Hadfield steel imply using of optical
microscopy via (OM, Zeiss), and to get more details about twins structures, thin
foils with diameter of 3 mm for transmission electron microscopy (TEM) were
prepared by using ion beam polishing system (Gatan 691). Scanning electron
microscopy (SEM) was performed by a JEOL JSM7600F. After tension test,
samples within the gauge area were selected to measure it hardness according to
Vickers scale (HV) under load of 100 g for 10 s as a penetration holding time.

Results and Discussion

Tension Test Results

Table 1 summarizes the results of the tension tests of the as received and cold rolled
then heat-treated samples (CR90) with and without H charging. The mechanical
behavior of the CR90 is better than the as received condition. After H-charging,
yield strength of the as received was slightly decreased, while in the CR90 it was
nearly not affected.

The Microstructure of the Gauge Area After Tension Test

Figure 1 shows the microstructure in the gauge area after fracture in both the as
received and CR90 conditions, with and without hydrogen. Generally, the amounts
of twin boundaries are higher in the CR samples. it seems that, the existence of
hydrogen affected the process of initiating mechanical twins intensively in the as
received condition, which may be related to dislocations cross slipping enhanced by
hydrogen [1], and consequently the amount of induced twins were negatively
affected.

Table 1 The mechanical properties of the as received and CR90 before and after H-charging

Condition As received CR90
Without H With H Without H With H

YS (MPa) 361.2 353.6 374.3 373.9
UTS (MPa) 840.5 718.2 1028.4 973.1
Elongation (%) 29.2 23.1 41.1 39.3
Loss in UTS due to H-charging (%) 15.3 2.7

Loss in Elongation due to H-charging (%) 22.5 6.1
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Notched Samples

Figure 2 shows a longitudinal section of the notched specimens at the two sides
with hydrogen, in both as received and cold rolled conditions. Usually cracks are
formed in the two sides of the notches during the tension test, while due to strain
localization in Hadfield steel [11], fracture will start from one side then it will
propagate to the other side [12]. Nevertheless, as shown in Fig. 2a, in the as
received condition that was charged with hydrogen, only one crack was initiated
and then propagated to the other side, which is an indicator of slip localization due
to existence of hydrogen [13, 14]. On the other hand, in the CR90 condition that
was charged with hydrogen, many cracks were initiated together due to the exis-
tence of the pre-induced twins in both 3% and 5% strain as shown in Fig. 2b and c.
The pre-induced twins enhanced the homogeneous distribution of internal stresses
during the plastic deformation, and this prevented crack propagation in an early
stage of strain compared with the as received condition. Moreover, twins assisted
crack propagation along grain boundaries at the interception with twin tips [1].
Cracks were propagated at around 3% strain in the as received condition,

Fig. 1 The micrographs after tension test through the gauge area, at the CR90 (a, c), and as
received condition (b, d), without H (a, b), and with H (c, d)
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while it propagated at 5.5% strain in the cold rolled samples. It worth mention that,
the number of cracks in the notched area at the cold rolled condition are more than
the as received.

Figure 3 shows the microstructure of the notched specimens under SEM after
etching with Nital, in order to spot more light on the crack initiation and propa-
gation in the as received and cold rolled samples. It is clear that the cracks are
distributed homogeneously in the cold rolled samples, in addition, cracks were
initiated from grain boundaries [12] during its propagation.

Fig. 2 Cracks initiation and propagation in the notched tension test specimens after H-charging,
as received condition at 3% strain (a), and cold rolled at 3% and 5.5% strain respectively (b, c)

Fig. 3 The microstructure of the notched samples showing cracks paths, a the as received and
b cold rolled conditions. The dotted lines show the crack propagation path, and the solid lines
show the cracks initiation sites
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Hardness Results

It was reported that, hardness values are dependent of the twins volume fraction in
austenitic steels [15], so that hardness was measured in the gauge area after tension
test. Table 2 shows the results of hardness on Vickers scale. The results show that,
the cold rolled samples are having higher hardness values, and this may refer to
more twin plates, but it will be better to enhance it with TEM.

TEM Results

Figure 4 shows the TEM results of the as received and CR90 conditions charged
with hydrogen. As shown in Fig. 4a, it is clear that the initial nano twins introduced
in the CR90 worked as barriers to dislocations movements and resulted in forming
of very twin plates in spite of existing of hydrogen. On the other hand, as shown in
Fig. 4b, twins were relatively thicker after H-charging, and it may be related to

Table 2 Variation of hardness values in the as received and CR90 samples with and without
hydrogen

Condition As received CR90
Without H With H Without H With H

HV0.1 445 ± 14 374.7 ± 30 502.1 ± 14 490.7 ± 13

Fig. 4 TEM results using [110] zone axis after tension test of specimens charged with hydrogen.
CR90 at (a), and as received at (b)
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pilling up of the enhanced dislocations mobility on grain boundaries due to
hydrogen entry, and it can refer to promoting more trans-granular fracture in the
fracture surface revealed by Michler et al. [13].

Figure 5 shows illustration graph of the effect of the pre-induced twins in
inhibiting dislocations slip after H-charging, and consequently increasing disloca-
tions dissociation rate to form mechanical twins and distributing the internal stress
homogeneously. Nevertheless, at the not-twinned sample, the amount of mechan-
ical twins at fracture are lower than the pre-twinned sample due to dislocations
mobility enhanced by hydrogen atoms, while there was no more obstacles to these
dislocations like the pre-twinned sample, in addition, dislocations were accumu-
lated on grain boundaries causing local stress concentrations that resulted in
inter-granular fracture [13]. Moreover, it is important to note that the twin
boundaries in Hadfield steel are containing tremendous amounts of dislocations
[16].

Fig. 5 Graphical illustration showing the effect of the pre-induced twins on preventing
dislocations slip after H-charging in the cold rolled sample and consequently inducing more
mechanical twins, while in the as received sample mechanical twinning was limited (For
interpretation of the references to color in this figure legend, the reader is referred to the web
version of this article.)
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Conclusion

Embedding coarse grained austenitic steel with nano twin plates resulted in
increasing hydrogen embrittlement resistance of Hadfield steel. Moreover, notched
samples confirmed that, the internal stresses were homogeneously distributed
through the austenite matrix.
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Non-metallic Inclusion and Their Effect
on Fatigue Strength for Case-Hardened
Carbon Steel in Gears

Izudin Dugic, Robin Berndt, Simon Josefsson and Martin Hedström

Abstract Steel is a very essential structural material and its production worldwide
has shown significant increase over the last years. In steels there always exist a large
number of inclusions which can have a degrading effect on the fatigue properties.
This study is focused on the link between the characteristics of non-metallic
inclusions and how they affect fatigue strength of the standardized case-hardened
carbon steel 20MnCr5 and a version of this steel with a more favorable inclusion
distribution, a so-called Clean steel. For the evaluation of the mechanical properties
the test result from rotary bending tests are compared and an improvement by
37.5% in fatigue strength can be noted between the different steels. The new per-
formed ultrasonic tests illustrate the difference in the size of defects in materials
with different manufacturing processes and degree of reduction. By studying
international and European standards for non-destructive testing and investigation
of alloy compounds, the current material specification can be adjusted.

Keywords Steel ⋅ Clean-steel ⋅ Inclusions ⋅ Mechanical properties
Ultrasonic test ⋅ Standard

Introduction

The cleanliness in a steel is of great importance for the strength in general and the
fatigue strength in particular. Non-metallic inclusion is a recurring problem in the
production and casting of steel. Variation from specification in respect to inclusion
distribution inevitable leads to costly reparations, downgrading or recycling of large
quantities of material. There are different types of inclusions present in steel which
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depends strongly on the production route, alloy composition and technical condi-
tions of the process [1, 2].

The influence on the mechanical properties of inclusions is decided by the size,
thermal expansion coefficient, modulus of elasticity and the deformability of said
defects. A greater inclusion size in general leads to lowered mechanical properties.
If the thermal expansion coefficient is greater than that of the metal, it will shrink
more in the solidifying process leading to compressive residual stresses around said
defect. If on the other hand the thermal expansion coefficient is lower than that of
the metal, it will shrink less in the solidifying process, leading to tensile residual
stress around the defect [2].

When it comes to dynamic loaded parts such as engines, gears, shafts and
turbines the most occurring cause of failure today is material fatigue due to the
many load cycles associated with parts such as there [3].

The purpose of fatigue tests with cycles between 106 and 107 is to statistically
map the mean value and spread of the fatigue limit. There are different models
developed and available for gathering data and calculation of the fatigue limit where
the most common is the staircase-method, also known as the up and down method
[4–8].

The data collected with the staircase method can through the “Dizon-Mood”-
equations be used to calculate a mean value, μ ̂ (Eq. 1) and a standard deviation, σ ̂
(Eq. 2) for the fatigue limit (Sn) [4–8].

μ ̂= S0 + s× ðB ̸A±0.5Þ MPa½ � ð1Þ

σ ̂=1.62 × s× ðA×C−B2 ̸A2 + 0.029Þ MPa½ � ð2Þ

With the results from Eqs. (1–2), a 99.9% confidence limit is calculated:

μ ̂− 3.291 × σ ̂
ffiffiffiffi
N

p
=99.9% confidence limit ð3Þ

Currently, there exist two general methods for computation of the allowed
fatigue stress for gears in accordance with ISO 6336 called method A and method.
The method which is used for computation of the nominal stress value with respect
to bending (σF lim) and contact fatigue for gears (σH lim) is the method B. Method B
is comprised of different ways to compute and estimate the maximum bending and
contact stress at the gear root and tooth flank of said gear [9].

For calculation of the nominal stress value for bending, the following steps can
be used. The value for the confidence limit is used as the allowable stress number
(σFE). The nominal stress value can consequently be calculated with the Eq. (4).
The stress correction factor (YST) needs to be decided and used. A reference gear in
according to ISO 6336 should be manufactured with a value of 2.0.

σF lim = σFE ̸YST MPa½ � ð4Þ
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Standardized values for the allowed nominal stress value for bending and contact
fatigue can further be calculated with the use of Eq. (5) where the factors A and B
can be found in the standard. The value of x is the surface hardness, which based on
the type of material has a specified maximum value used for calculation [9].

σH lim

σF lim

�
=A× x+B MPa½ � ð5Þ

Experimental

Materials

The Company produces several different components to the automotive industry.
The European standard EN 10084 (DIN reference number 1.7149) has the status of
the Company standard for Steel 20MnCrS5 used for construction of gears. The
Company has some additional requirements regarding the chemical composition as
shown in Table 1 [10].

The extent of micro inclusions (oxides) in the steel is referred to DIN
50602-1985, method K. Materials with a diameter less than 50 mm should be rated
to K4 with a maximum allowed score of at most 30 and materials with a diameter
above 50 mm must also be rated with K4 with a total score of at most 40. The K
value defines the minimum size in width and length of inclusions used for purity
evaluation. The value defined after K4 (40/30) is based on a scoring system where a
major defect gets a higher factor. Number of defects multiplied by factor for
individual defect forms a score. The total score is converted to an average for a
certain area [11].

For the in line ultrasound inspection the acceptance criteria shall be in accor-
dance to EN 10308, Table 2 as follows:

• diameter ≤ 100 mm: quality class 4,
• diameter > 100 mm: quality class 3 [12].

In order to investigate the size of non-metallic inclusions in the steel, a series of
ultrasonic testing were made on the standardized case-hardened carbon steel

Table 1 Chemical composition of 20MnCrS5 steel

Chemical composition in % (mass fraction)
C Si

max
Mn P

max
S Cr Mo

max
Ni
max

Al Cu
max

N

0.16–
0.22

0.025 1.10–
1.35

0.025 0.020–
0.035

1.00–
1.30

0.08 0.25 0.015–
0.050

0.25 0.080–
0.014
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20MnCrS5 manufactured with continuous casting (in this work called Steel A) and
the results are compared with earlier ultrasonic testing of 20MnCr5 manufactured
with ingot casting (in this work called Steel B) and on the cleaner variant of
20MnCr5 manufactured with ingot casting (in this worked called Steel C). The
chemical compositions of the evaluated steels are shown in Table 2.

For the evaluation of the mechanical properties the data on previously performed
tests from rotary bending testing are compared. The materials evaluated are Steel
18CrNiMo7-6 manufactured with continuous casting (in this work called Steel D),
Steel 18CrNiMo7-6 manufactured with ingot casting (in this work called Steel E)
and Steel 20MnCr5 manufactured with ingot casting (in this work called Steel F).
The chemical compositions of the evaluated steels are shown in Table 2.

Ultrasonic Testing

The machine which conducted the ultrasonic testing was an USIP 20, manufactured
by Krautkramer Branson, equipped with a 10 MHz probe, calibrated to a FBH of
0.2 mm. The machine is calibrated using a reference peace of steel with a height of
60 mm and a diameter of 30 mm where a hole with the diameter 0.2 mm has been
drilled to a depth of 1 mm. The reference steel is further scanned and the drilled
hole acts as a reference for the size of defects that the machine is designed to find
and indicate.

The conducted tests of steel A is made through preparing 5 cylindrical samples
with a length of 250 mm and diameter of 80 mm. The material is delivered in soft
annealed condition but gets normalized through annealing in 920 °C for 1 h after
which it cools off before processing. The normalization process is carried out to
minimize acoustic abnormalities before the ultrasonic testing. The material is milled

Table 2 Chemical compositions of the evaluated steels

Steel Chemical composition in % (mass fraction)
C Si Mn P S Cr Mo Ni Al

A 0.16–0.22 max
0.25

1.10–1.35 max
0.025

0.020–
0.035

1.00–1.30 max
0.08

max
0.25

0.015–
0.050

B 0.17–0.22 max
0.40

1.10–1.40 max
0.025

max
0.035

1.00–1.30 – – –

C 0.17–0.22 max
0.40

1.10–1.40 max
0.025

max
0.035

1.00–1.30 – – –

D 0.15–0.18 0.20–
0.35

0.50–0.60 max
0.015

0.008–
0.015

1.50–1.80 0.25–
0.35

1.50–
1.70

–

E 0.15–0.21 max
0.40

0.50–0.90 max
0.025

max
0.035

1.50–1.80 0.25–
0.35

1.40–
1.70

–

F 0.17–0.22 0.20–
0.35

1.10–1.40 max
0.025

0.015–
0.025

1.10–1.30 max
0.08

max
0.025

0.020–
0.040
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10 mm on two opposite sides to achieve correct thickness of 60 mm and a plane
surface for testing. The material is placed in a water tank and the 10 MHz probe
scans the 5 samples, see Fig. 1. A graphical image is presented showing the size
and distribution of detected inclusions present in the samples.

The data gathered from previously conducted tests are compiled and analyzed.
The data consists of protocols from 5 samples of steel B and 2 samples from steel C.

Mechanical Testing

The data presented is the result of fully reversed rotational bending fatigue testing
conducted with an Amsler UBM 200. All tests are conducted with specimens
designed with a great radius to minimize the influences of stress concentrations. The
tests are furthermore conducted and analyzed using a staircase method with stress
levels varying with 25 (MPa). All samples are prepared from the transverse

Fig. 1 Scanning of test material
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direction, in through hardened condition with a smoothness of maximum 0.3 Ra.
Each specimen is measured on the thinnest section and the load is modified to
ensure a precise value for the effective stress the specimen is subjected to.

From the conducted tests 9 values for steel D, 5 values for steel E and 11 values
for steel F can be used for calculation of the nominal stress value.

Results and Discussion

Ultrasonic Testing

The results from ultrasonic testing are shown in Table 3.
Mean value of defects in the weight of 10 kg for Steel A is 109.5 and the mean

value for number of defects > 0.2 mm FBH/dm3 is 9.6. These results for Steel A
are shown as graphical images in Fig. 2.

Tests results for the five test specimens of Steel A shows 14 defects which are
equal to or greater than the reference hole, 15 defects are in the range 50–99% of the
reference hole, 17 defects in the range 30–49%, and 8 defects between 25 and 29%
of the reference hole. In total a number of 54 defects are noticeable which corre-
sponds to 25% or greater than the reference hole. The defects appear as white dots
in the blue fields for each test piece. The results for Steel B and C show no
noticeable defects which are greater than 25% of the reference hole.

After examining and evaluation of the ultrasonic tests, a clear difference in size
and frequency of defects associated with the two process routes between the
materials can be clearly distinguished.

Table 3 Results from ultrasonic tests

Weight
kg

25–29% 30–49% 50–
99%

≥ Weighted value
for each 10 kg

Number of
defects > 0.2 mm
FBH/dm3

Steel
A

2.27 2 1 5 3 125.6 10.3
2.36 0 4 0 0 16.9 0
2.24 3 9 4 9 285.7 31.3
2.29 0 1 0 0 4.4 0
2.35 3 2 6 2 114.9 6.6

Steel
B

1.7 0 0 0 0 0 0
1.88 0 0 0 0 0 0
1.77 0 0 0 0 0 0
1.84 0 0 0 0 0 0
1.84 0 0 0 0 0 0

Steel
C

2.88 0 0 0 0 0 0
2.90 0 0 0 0 0 0
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The tests performed and evaluated cohere with the theory of what a 10 MHz
probe can detect when only defects down to the size of 120 μm could be notated.
When increasing the frequency up to 25 MHz, the effective thickness of material
being tested is reduced from 60 to 25 mm as the size of defects that can be found is
reduced to 50–100 μm. The possibility of removing slag in the bottom of the ladle
by unloading some of the melted steel prior to casting and the possibility of a higher
degree of reduction of a steel has an effect on how large inclusions a steel possesses
proved to be true in the examination of the ultrasonic tests. A steel which is
continuous casted are less likely to achieve as high reduction degree as an ingot
casted steel and thus generally consist of an increased size of inclusions.

Mechanical Testing

Results of the calculations using Eqs. (1–3) on all materials which have been tested
for bending fatigue can be seen in Table 4.

From the performed test, nine values could be used to calculate a nominal stress
value for Steel D, see Fig. 3.

From the performed test, five values could be used to calculate a nominal stress
value for Steel E, see Fig. 4.

From the performed test 11 values could be used to calculate a nominal stress
value for Steel F, see Fig. 5.

Fig. 2 Results from the ultrasonic test for steel A
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By using Eq. (4), nominal stress value for gears is calculated for the materials
which the rotating bending test have been performed on. The result can be seen in
Table 5.
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Fig. 3 Rotating bending test on Steel D

Table 4 Results from bending fatigue

Material μ ̂ [MPa] σ ̂ [MPa] Confidence limit (99.9%) [MPa]

Steel D 537.5 21.4 502.3
Steel E 779.2 41.7 690.5
Steel F 922.5 75.7 810.6

690.5

787.5

675

700

725

750

775

800

825

850

0 1 2 3 4 5 6

N
om

in
al

 st
re

ss
[M

Pa
]

Test material

Failure

Runout

99.9% Lower safety limit 

Fig. 4 Rotating bending test on Steel E
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By using Eq. (5) a comparison of the nominal stress value can be made between
the steel 20MnCr5-IC and that from the standards for through hardened carbon steel
in the classes ME and MQ [9]. The results can be seen in Table 6.

Conclusions

There is a clear difference in the distribution of defects between the two process
routes continuous casting and ingot casting. Steel manufactured with ingot casting
shows a significantly higher purity when performing ultrasound tests with a
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Fig. 5 Rotating bending test on Steel F

Table 5 Results of nominal stress values for bending fatigue

Material Lower safety limit
(99.9%) [MPa]

Nominal stress value for bending
fatigue for gears (σF lim) [MPa]

Difference in
stress value [%]

Steel D 502.3 251.2 0
Steel E 690.5 345.3 +37.5

Steel F 810.6 405.3 +61.4

Table 6 Results of comparison for 20MnCr5 steel

Material Nominal stress value for bending fatigue
for gear (σF lim) [MPa]

Difference in stress
value [%]

Through hardened
wrought steel (MQ)

340.0 0

Through hardened
wrought steel (ME)

370.6 +9

Stell F 405.3 +19.2
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10 MHz probe compared to that of a material manufactured with continuous
casting.

The result shows a clear improvement in fatigue strength as the distribution of
defects becomes more beneficial.

An improvement of fatigue strength for applications connected to power trans-
mission can be proved by comparing results on rotating bending tests of the
18CrNiMo7-6 material in continuous casting versus ingot casting. To get an exact
value which can be used in real applications e.g. strength calculations of gears a
more applied test procedure such as a FZG-test or pulsator-test is recommended.
This because of the uncertainty that occurs when transferring test data for bending
stress between general fatigue strength and the value used to calculate fatigue
strength of gears (σF lim).

To monitor the size and distribution of defects and ensure that steel with higher
purity meets the requirements specified in the material specification, a lower
K-value and score should be implemented when performing tests in accordance
with DIN 50602. It should also be added that there are other standards for mapping
and evaluating inclusions such as ASTM E45 and ISO 4967. To get a material
specification that clearly describes and processes the defects in a material, an
implementation of these, individually or in combination with each other, may be
considered.

When verifying the distribution of defects with an ultrasonic test, a smaller FBH
is recommended for calibration. Due to the decreased volume tested, per unit of
time, when increasing the frequency for detection of smaller size defects, no
increase in frequency is recommended at an initial stage. The fatigue strength which
can be achieved with these implementations are based on the size of defects that can
be found with a 10 MHz probe.
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Influence of Austenitizing Temperature
and Time on Microstructure
and Mechanical Properties of an YP460
Grade Crack Arrest Steel

Dan Chen, Wenqing Jiang, Songsong Xu, Naimeng Liu, Hao Guo,
Ye Cui, Yang Zhang and Zhongwu Zhang

Abstract The influence of austenitizing temperature and austenitizing holding time
on the microstructure and mechanical properties of a YP460 grade crack arrest steel
was investigated. The first group specimens were austenitized at several tempera-
tures ranging from 900 to 950 °C followed by water cooling. The second group
specimens were austenitized at 900 °C with austenitizing holding time from 0.25 to
5 h followed by water cooling. Microstructure was characterized through optical
microscopy. Tensile properties, hardness and plane strain fracture toughness of all
these materials were determined and correlated with the microstructure. The results
indicated that the austenitizing temperature influences the volume fraction of bainite
and ferrite and then the mechanical properties. The volume fraction of bainite and
ferrite and grain size are also affected by austenitizing time.

Keywords Crack arrest steel ⋅ Austenitizing temperature ⋅ Austenitizing
holding time ⋅ Mechanical properties

Introduction

With the growth of world economy and transportation volume, the need for bigger
sized container ships has been expanded for the purpose of cost reduction and better
transportation efficiency. Therefore, the steel plate especially applied to the upper
hull structure is getting thicker in order to ensure the required structural integrity
due to its large cargo opening structure. Weight saving is strongly required to
increase transportation efficiency of container ships. The higher strength steel plates
with heavy thickness and excellent brittle crack arrestability should be developed in
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terms of the enlargement of the ship size and the liability against catastrophic brittle
fracture [1–7].

In order to homogenize the microstructure and improve the mechanical prop-
erties of the YP460 grade steel, research about heat treatments are ordinarily
required. However, there is few published literature on heat treatment of the YP460
grade steel. Therefore, it is very meaningful to investigate the effect of heat treat-
ment temperatures and times on microstructures and mechanical properties of the
YP460 grade steel.

Material and Experimental Procedures

The material used in this study is fabricated by 80 kg vacuum induction melting
using high purity base materials and homogenized at 1200 °C for 2 h, followed by
hot rolling into 20 mm thickness plate. The chemical composition of the steel is
given in Table 1.

The specimens were divided into two groups. One group was subjected to
austenitizing in the temperature range of 900–950 °C for 0.5 h followed by water
cooling. The other group was carried out in the austenitizing holding time range of
0.25–5 h with the austenitizing temperature of 900 °C.

Mechanical properties were evaluated by tensile, hardness and Impact tests at the
room temperature. The tensile Tests were performed on a UTM5105 testing
machine according to standard procedures. The hardness of specimens was mea-
sured by Rockwell (Vickers) hardometer. Each value was the average of hardness
values at ten points. Impact tests were performed on a JBW-300B testing machine.
Optical microscopy were used to examine the microstructural features. The volume
fraction of reversed austenite was determined from X-ray diffraction tests.

Results and Discussion

Preliminary Investigations

The Ac1 and Ac3 temperatures are important characteristic parameters of steel.
Figure 1 shows the dilatometric curve of continuously heated specimen. In this
figure, two tangent points on the curve represent starting and finishing temperature

Table 1 Chemical composition of investigated steels (wt%)

C Mn Si Cr Ni Cu Al Nb Ti S P

0.06 1 0.25 0.18 1 1 0.1 0.03 0.050 0.003 0.005
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of α to γ transformation. The Ac1 and Ac3 temperatures of this steel are 683 and
843 °C, respectively, when heating rate is 0.05 °C/s.

Effect of Austenitizing Temperature on Mechanical
Properties

The results of the hardness, tensile and impact toughness tests on the
water-quenched samples with different austenitizing temperature are shown in
Figs. 2, 3 and 4, respectively. It can be seen that the effect of austenitizing tem-
perature on the mechanical properties of the studied steels is not very complex. The
hardness, tensile strength and yield strength increase slightly with increasing
austenitizing temperature from 900 to 925 °C, while the elongation decreases
significantly. With increasing the austenitizing temperature from 875 to 900 °C, the
tempering process decreases the residual stress and dislocation density, which can
be responsible for the slight decrease in the tensile strength and hardness [8, 9].

The plot of room temperature fracture toughness of the material against
austenitizing temperature is shown in Fig. 5. With the austenitizing temperature
increasing from 900 to 925 °C, the fracture toughness increases first and then
increases.

Effect of Austenitizing Temperature on Microstructure

Figure 6a–c show the variation in the microstructures as the austenitizing temper-
ature was increased from 900 °C to 950 °C, respectively. The microstructures of
different austenitizing temperatures are similar consisting of ferrite and bainite. The

Fig. 1 Dilatometric curve of
continuously heated specimen
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Fig. 2 Influence of
austenitizing temperature on
hardness

Fig. 3 Influence of
austenitizing temperature on
yield strength and tensile
strength

Fig. 4 Influence of
austenitizing temperature on
elongation (%)
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lower the austenite temperature is, the larger the volume fraction of bainite is. With
the austenitizing temperature increasing, the volume fraction of ferrite increases,
and the grain size increases.

Fig. 5 Influence of austenitizing temperature on fracture toughness

Fig. 6 Influence of austenitizing temperature on the volume fraction of austenite in the matrix
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Effect of Austenitizing Holding Time on Mechanical
Properties

The effect of austenitizing time on tensile strength, yield strength, elongation and
hardness are shown in Figs. 7, 8 and 9, respectively. With the extension of
austenitizing holding time, the tensile strength, yield strength and hardness increase
first and then decrease while the elongation decreasing first and then increasing. The
tensile strength and yield strength reached the maximum 551 and 750 MPa,
respectively, with the austenitizing holding time of 1 h and the hardness reached the
maximum 234HV with the austenitizing holding time of 0.5 h. The initial increase
of strength is induced by the dissolution of the interdendritic phases and the
increase of solid solubility of matrix. Strength approaches the maximum value at
1 h, indicating that the interdendritic phases are dissolved sufficiently into the
matrix at the temperature of 900.

Fig. 7 Influence of
austenitizing holding time on
yield strength and tensile
strength

Fig. 8 Influence of
austenitizing holding time on
elongation (%)
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With the increase of the austenite holding time, the amount of alloying elements
in the austenite increases resulting in solid solution strengthening, thus the strength
and hardness of the material improving and the impact energy reducing. With the
austenitizing holding time continues to increase, the solution of the alloying ele-
ments to further increase. The solution of excess alloying elements in austenite
would improve the stability of austenite and the amount of retained austenite in
microstructure increased which reducing the hardness and strength of the material.
In addition, with increasing of the holding time, the distribution of carbon and
alloying elements in the austenite is further homogenized and the segregation
degree of the structure is reduced resulting in the impact energy of the material
increasing.

The influences of austenitizing holding time on impact toughness is shown in
Fig. 10. It can be seen that the effect of austenitizing holding time on impact
toughness of the studied steels is very complex.

Fig. 9 Influence of
austenitizing holding time on
Microhardness

Fig. 10 Influence of
austenitizing holding time on
impact toughness
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Effect of Austenitizing Holding Time on Microstructure

Figure 11a–e show the variation in the microstructures as the austenitizing holding
time was increased from 0.25 to 5 h with the austenitizing temperature of 900 °C,
respectively. The microstructures of different austenitizing times are similar con-
sisting of ferrite and bainite. With the austenitizing holding time increasing, the
volume fraction of bainite decreased and the volume fraction of ferrite increased,
Gradually. Moreover, The grain size increases slowly with the austenitizing holding
time was increased from 0.25 to 5 h. This is mainly due to the addition of Nb and Ti
to form Ti, Nb rich carbonitride particles and these can restrict austenite grain
growth at high temperature [10–12].

Conclusions

The Ac1 and Ac3 temperatures were determined by dilatometric analysis as 683 and
843 °C, respectively.

Varying the austenitizing temperature in the range of 900–950 °C has no
influence on the microstructure composition and only a slightly influence on the
volume fraction of bainite and ferrite and mechanical properties. The best properties
were obtained for the steel austenitized at 950 °C.

Varying the austenitizing holding time from 0.25 to 5 h with the austenitizing
temperature of 900 °C has no influence on the microstructure composition and
greater influence on the volume fraction of bainite and ferrite, grain size and me-
chanical properties. The best properties were obtained for the steel austenitized for
1 h.

Fig. 11 Influence of austenitizing holding time on microstructure
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The Evolution of Microstructure
of an High Ni HSLA X100 Forged
Steel Slab by Thermomechanical
Controlled Processing

S. H. Mousavi Anijdan and M. Sabzi

Abstract An HSLA X100 steel was studied. After casting and forging to slab
condition, thermomechanical controlled process was employed to produce steel
sheet. Heat treatment was then employed to control the microstructure and optimize
mechanical properties. Austenitization was performed at 950 °C followed by dif-
ferent quenching media. Samples were tempered from 500 to 750 °C. Mechanical
testing and microstructural analyses were performed by Optical Microscopy,
Scanning and Transmission Electron Microscopes. Results showed a complex
microstructure of bainite, ferrite, martensite, retained austenite, and various car-
bides. High temperature tempering removed retained austenite from martensite lath
providing a relatively high amount of toughness. A uniform distribution of carbides
was detected in the tempered situations. Retained austenite was present in the
quenched only samples. Low temperature tempering removed part of this retained
austenite. Increasing the tempering temperature decreased the tensile properties and
increased the toughness. Quenched samples showed inferior mechanical properties
compared to the tempered ones.

Keywords HSLA X100 steel ⋅ Retained austenite ⋅ Bainite
Thermomechanical controlled process ⋅ Microstructure ⋅ Tempering

Introduction

High strength low alloy steel (HSLA) are a group of low carbon steels that small
amounts of alloying elements are added to their composition to achieve yield
strength level higher than 257 MPa in the normalized or rolled conditions [1]
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Compared with the rolled plain carbon steel, HSLA steels have superior mechanical
properties and in some situations better corrosion resistance [2]. Though their
corrosion resistance is inferior to that of stainless steels [3]. Additionally, as the
HSLA steels can have high strength with low level of carbon, their weldability is
comparable, and in some circumstances, better than the killed steels [4–6]. HSLA
steels are formed as semi-finished products such as plate, strip, ingot etc. by hot
rolling process. Usually, HSLA steels are hot rolled through controlled rolling to
improve their mechanical properties [5–7] and used in such a condition as well.
A combination of strength, hardness, formability, weldability and resistance to
corrosion are required in designing the process route for these steels. These prop-
erties are obtained through careful addition of alloying elements and thermome-
chanical controlled processing, often containing, fasting cooling after hot rolling
[6–11]. To control the properties of HSLA steels [10–14], a normal heat treatment
of these steels contains a quenching step to obtain martensite followed by inter-
mediate temperature tempering to improve toughness without significantly losing
strength. Therefore, a fully martensitic structure is initially needed to obtain ade-
quate level of strength. In that sense, a minimum quenching rate is required to
prevent the austenite phase from transforming to phases such as ferrite, pearlite and
bainite [10–16].

The effect of austenitization temperature on the properties of Nb-Ti microalloyed
steel was already explored [17]. It was found that austenite coarsening temperature
was close to 1000 °C. As well, the amount of ferrite was reduced by increasing
austenitization temperature. A complex precipitation of Nb-Ti nature was detected
in the HSLA steels [18]. Elevated temperature austenitization increases yield/tensile
strengths and reduces elongation. Austenitization above 1100 °C also dissolves
most of the prior precipitates, except for mostly rectangular Ti (C,N), and gives the
possibility of re-precipitation during the hot rolling process to achieve precipitate
size range below 100 nm. The effect of tempering on the microstructure and
mechanical properties was also studied in these steels [19]. Tempering range
between 450 and 650 °C at different soak times was investigated. They found that
in tempering the quenched specimen at 500 °C, a martensitic morphology is
preservable up to 24 h of soaking. A fast decrease of strength was reported in the
first few hours of soaking, in mentioned HSLA steels with the elongation following
the opposite trend. Dhua et al. [20] also studied the effect of tempering temperature
on the properties of HSLA-100 steels containing copper with the chemistries similar
to HSLA 100. The effect of the type of furnace for casting of these steels were
investigated as well. Tempering temperature range of 400–700 °C for one hour was
studied. Substantial improvement in in strength, YS-1024 and 1025 MPa;
UTS-1079 and 1111 MPa for the two steels, was reported at the expense of impact
toughness at the tempering temperature of 500 °C. This was related to the plentiful
precipitation of Cu in these steels. The toughness value was substantially increased
by increasing the tempering temperature up to 700 °C range which was related to
the partially recovered matrix and the coarsened Cu precipitates.

In spite of a relatively large volume of research on typical HSLA steels,
including some of the work of one of the current authors [21–24], the quenching
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and tempering behavior of the high Ni HSLA 100 steel has not been studied.
Therefore, it was one of the main objectives of the current article was to study
microstructure and mechanical properties of this steel under the mentioned
conditions.

Materials and Experimental Procedure

The steel used in this research was an high Ni HSLA X100 one. Samples with the
thickness of 20 mm were prepared by thermomechanical controlled rolling pro-
cess. The chemical composition of the samples prepared were analyzed by
spectrophotometer model M7 based on four alloys of Fe, Cu, Al and Ni. The
composition contained 0.057 wt%C-0.285Si-0.781Mn-0.626Cr-0.579Mo-3.48Ni-0.
026Al-1.53Cu-0.01 W-0.04 Nb-0.04N-0.011Ti with balanced Fe.

For heat treatment purposes, the samples were austenitized at 950 °C for one
hour per inch and then quenched in water and oil. The quenched samples were
tempered at 550, 650 and 750 °C. The tempering time was one hour per inch of the
samples. An electric furnace model F35L was used for these heat treatment pro-
cesses. Specimens were cut from the heat treated and non-heat treated samples for
microstructural analysis. Specimens were ground, polished and etched by common
metallography procedure. Nital 2% was used to etch the specimens. Microstructural
studies were performed by optical microscope, Scanning Electron Microscope
(SEM), and Transmission Electron Microscope (TEM). Energy Dispersive Spec-
troscopy (EDS) analysis was also used to detect various precipitates.

Tensile specimens were prepared by CNC machine based on ASTM E8 standard
[25]. Also, Charpy impact test samples were machined from the heat treated
samples based on ASTM A370 standard [26]. Tensile tests were performed by a
uniaxial SANTAM

®

instrument tensile tester ASTM-400 under the strain rate
of 10−2 s−1. As well, the Charpy impact tests were performed by a SANTAN

®

instrument at 20 °C with the capacity of 400 J.

Results and Discussion

Microstructural Observations

Figure 1 shows the optical micrograph, SEM micrograph and TEM micrograph of
the high Ni HSLA X100 steel used in this study prior to the heat treatment process.
As can be seen in this figure, the microstructure of this steel contains martensite lath
together with the Cu precipitates distributed uniformly with almost similar sizes
[6–10]. Small amount of bainite layers are also seen in the microstructure. Small
amount of ferrite grain is observable in the structure. As well, almost no retained
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austenite is observable in the structure which is an indication of high strength and
toughness of the steel.

Figure 2 also shows the microstructures of the austenitized and quenched in
water and oil samples together with a typical EDS analysis of the Cu precipitates.
The microstructures in the quenched conditions contain martensite laths [14–19].
Small amount of retained austenite are observed between the martensite laths
(bright areas in the SEM micrograph). As well, some inclusions are seen in the
microstructure, which are most probably carbide precipitates [11–15]. It is impor-
tant to mention that the microstructure of the samples quenched in water and oil are
similar. The only difference is the smaller width of the martensite laths in the
sample quenched in oil compared to the one quenched in water which is due to
lower cooling rate in the former case. Also, more bainite layers are seen in the
sample quenched in oil compared to the sample quenched in water. And lower

Fig. 1 Microstructure of the high Ni HSLA X100 steel under thermomechanical processing
condition and prior to heat treatment process; a optical micrograph, b SEM micrograph, c TEM
micrograph
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(a) (b)

(c) (d)

(e)

Fig. 2 Microstructures of the quenched samples; a and b in water, c and d in oil, e EDS analysis
of the Cu precipitates
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amount of retained austenite and precipitates were observed in the sample quenched
in water compared to the sample quenched in oil. Important to mention that
austenite grain sizes are almost similar in these two cases.

Figure 3 shows the microstructures of the samples austenitized at 950 °C and
quenched in water and oil, and tempered at 550 °C. The microstructures of these
cases are very similar consisting of layers of lath martensite [15–19]. As well,
clusters of Cu precipitates and layers of martensite grains are clearly seen in the
structure. Comparing Figs. 2 and 3, it can be seen that the amount of retained
austenite is lower inside the martensite grains of the tempered specimens compared
with the quenched samples. The importance of tempering in this steel is due to the
uniform distribution of Cu and other precipitates in the matrix in the form of

Fig. 3 Microstructures of the tempered samples at 550 °C under different quenching media: a and
b in water; c and d in oil
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spheres as opposed to the quenched conditions. This leads to an increase in the
strength of the tempered samples compared with the quenched ones [7–11].

Figures 4 and 5 show microstructures of samples tempered at 550, and 750 °C
after being quenched in water and oil. It can be seen in these figures that grain
growth occurs with increasing the tempering temperature [15–20]. The
microstructures of the samples contain bainite layer, martensite lath and also Cu
precipitates. Other carbide precipitates can also be seen in the structure which are
mainly in the form of bright points. It can also be seen in Figs. 4 and 5 that the

Fig. 4 SEM micrographs of the samples quenched in water and then tempered at; a 550 °C,
b 750 °C

Fig. 5 SEM micrographs of the samples quenched in oil and then tempered at; a 550 °C,
b 750 °C
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amount of retained austenite in the sample substantially decreases as the tempering
temperature rises up hence for higher amount of smaller layer bainite. In fact, it can
be seen in these figures that the amount of martensite and retained austenite
decrease with increasing the tempering temperature. On the other hand, the amount
of bainite increased in such a scenario.

Tensile test results
Figures 6 and 7 show tensile test results for this steel under different processing

conditions. From the tensile tests, yield strength of 880 MPa and tensile strength of
910 MPa were obtained which are similar to the literature [20–24]. It is known that
the mechanical properties of the HSLA steels are dependent on their initial austenite

Fig. 6 Tensile test results for the non-heat treated, austenitized, quenched in water, and tempered
at different temperatures

Fig. 7 Tensile test results for the non-heat treated, austenitized, quenched in oil, and tempered at
different temperatures
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grain size. Therefore, considering the microstructure of the non-heat treated sam-
ples, and the controlled rolling process (thermomechanically processed steel), the
controlled deformation in the single austenite phase following with the fast
quenching led to a significant grain refinement. This is expected to substantially
increase the density of dislocations leading to such high values of yield/tensile
strengths. Figures 6 and 7 also show that the yield strength and ductility of the
samples that were austenitized and quenched, in water and oil, are lower compared
with the non-heat treated cases. However, the tensile strength of the sample
quenched in water was higher than the non-heat treated sample. As well, the yield
and tensile strengths of the sample quenched in water was higher than the sample
quenched in oil. From the microstructure of the quenched only sample that were not
tempered, and given the results obtained from the tensile test, it could be said that
these sample do not have proper mechanical properties.

Moreover, the results of Figs. 6 and 7 show that the yield/tensile strengths of the
sample tempered at 550 °C is higher than the austenitized and non-heat treated
samples. The values in this case is higher than the standard values. Tempering at
550 °C led to the presence of lower retained austenite in the microstructure com-
pared to the austenitized sample. On the other hand, Cu precipitates and also other
spherical precipitates are better distributed in the tempered situation leading to the
presence of more obstacles for the movement of dislocations. This resulted in
higher strength level [14–19]. Results also show that 550 °C is the optimum
temperature for tempering in this steel. As the tempering temperature increases
from 550 to 750 °C, the yield/tensile strengths of the steel substantially reduce. At
the tempering temperatures higher than 550 °C, a significant grain growth occurs in
the system. As well, some of the martensite in the matrix transform to bainite.
A combination of these effects leads to a reduction in the strength.

Charpy impact test
Fracture resistance is one of the most important factors in using HSLA X100

steel in industry. Toughness is directly dependent on the initial austenite grain size,
especially the ones with thick edges that are distributed throughout the matrix.
Therefore, strength and toughness can be controlled with the control of the initial
austenite grain size and the Cu precipitates. Most of the strengthening in the high
Ni HSLA X100 is due to the clusters of BBC Cu where they exert compression
force to the dislocations impeding their movement [15–19]. On the other hand, the
interactions of the compression fields and increasing the number of dislocations
prevents free movement of the dislocations and increases the toughness of the steel.
When high Ni HSLA X100 steel is tempered at temperature higher than the opti-
mum tempering temperature, strength substantially decreases while toughness
improves. One of the main reasons for this behavior is the growth of the Cu
precipitates. The size of the Cu precipitates is around 24 °A in optimum tempering
condition. At higher temperatures, Cu precipitates size deviates from this optimum
value and even reaches 40 °A. In such a condition, coherent BCC Cu precipitates
transform to non-coherent FCC precipitates [18–23]. As well, the growth of the
precipitates increases the distance between them reducing the interaction between
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the Cu precipitates and the dislocations. Indeed, an over-aged conditions is
achieved in such a circumstances. The strength decrement and toughness increment
due to the increase in tempering temperature is mainly due to the changing Cu
precipitates shape from BBC to FCC and also the reduction of dislocation pile up
[12–16].

Figure 8 show Charpy impact test results under different conditions of the hi Ni
HSLA X100 steel. It can be seen in this figure that the fracture energy is the lowest
at the tempering temperature of 550 °C. And as the tempering temperature
increases, the fracture energy increases as such. At the tempering temperature of
750 °C, the fracture energy is the highest among the investigated cases.

Conclusions

A high Ni HSLA X100 steel was thermodynamically processed and its mi-
crostructures and mechanical properties were studied in different treatment condi-
tions. The following results were obtained from conducting this research:

1. The results showed that the microstructure of the steel is a mix of ferrite, bainite,
martensite, retained austenite and various carbides. Tempering at different
temperatures removed retained austenite from the lath martensite and led to a
relatively high amount of toughens. The carbides were also uniformly dis-
tributed in the tempered conditions. Low temperature tempering removed the
retained austenite present in the quenched only conditions.

2. Tensile tests showed that austenitization reduces yield/tensile strengths of the
high Ni HSLA X100 steel. Subsequent tempering improved these mechanical
properties shortcomings. Results also showed that tempering at 550 °C gave the

Fig. 8 Charpy impact test results of the high Ni HSLA X100 steel for samples non-heat treated,
austenitized and quenched in oil/water and then tempered at different temperatures
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highest yield/tensile strengths. Increasing tempering temperature from 550 to
750 °C reduced the strengths of this steel.

3. Charpy impact test results indicated that quenching substantially reduced impact
energy of the high Ni HSLA X100 steel. Tempering recovered this property.
Increasing the tempering temperature from 550 to 750 °C considerably
increased fracture energy of the high Ni HSLA X100 steel.
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Effects of Matrix Microstructure
on the Nanoscale Precipitation
and Precipitation Strengthening
in an Ultra-high Strength Steel

Songsong Xu, Hao Guo, Yu Zhao, Naimeng Liu, Dan Chen, Ye Cui,
Yang Zhang and Zhongwu Zhang

Abstract Matrix microstructure and nanoscale clusters are the two main factors
influencing the mechanical properties of nanocluster strengthened steels. Here, an
ultra-high strength steel with a tensile strength of ∼1.64 GPa and an elongation of
∼14% has been developed through a combination of fine matrix microstructure and
precipitation strengthening. Matrix microstructure was primarily controlled by
annealing treatment. After annealing treatment at 750 °C for 1 h, the hot-rolled
microstructure changes to the layered sorbite-like structure. The precipitation
strengthening contributes a similar yield strength of ∼494 MPa in both hot-rolled
and annealed steels. The results indicate that there is no effect of matrix
microstructure on the subsequent precipitation of nanoscale clusters and precipi-
tation strengthening. The matrix microstructure and the precipitation of nanoscale
clusters are independent and can be controlled separately.

Keywords Ultra-high strength steel ⋅ Matrix microstructure ⋅ Precipitation
strengthening

Introduction

There has been an increasing demand of ultra-high strength steels (USS) with
characteristics like high strength, good weldability and corrosion resistance due to
the rapid economic development and fast growing national defense industry [1–4].
Precipitation strengthening plays an important role in the design and fabrication of
USS with superior mechanical properties and strong resistance to radiation damage
[5–12]. To obtain a good comprehensive properties, Cu and NiAl nanoparticles are
two classes of effective strengthening phases among the various types of potential
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nanoparticles to be considered for precipitation hardening in steel [13, 14]. Jiao
et al. [15] has found that Fe–Cu–Ni–Al-based steels with relatively low Ni/Cu and
Al/Cu ratios, in which Cu nanoparticles are the dominant strengthening phase and
NiAl nanoparticles provide a supplement strengthening effect. And if small varia-
tions in the Ni, Al and Cu contents, precipitation characteristics would have sen-
sitive differences, including the composition, size and number density of the Cu and
NiAl nanoparticles, thereby significantly influencing the degree of strengthening.

Although Cu-riched nanoscale precipitation appeared in the USS, can increase
the mechanical properties and solve the problem of weldability [14, 16–19], the
demand for the matrix microstructure in it is accordingly strict. Furthermore, the
USS’ matrix microstructure will be changed with the annealing treatment, variation
of subsequent cooling rates, and alloy chemistry [14]. By austenite decomposing
during continuous cooling rate, Thompson [20] has made the CCT diagram for the
HSLA-80 steel and found that the austenite would transform to polygonal ferrite,
widmanstatten ferrite, granular ferrite, acicular ferrite, upper bainite, lower bainite
and martesite. By varying the continuous cooling rates and using three-dimensional
electron backscatter diffraction and transmission electron microscopy, Kang [21]
investigated that granular bainite, acicular ferrite and lath-type bainite will appear in
the HSLA steel at the different cooling rates. However, understanding the rela-
tionship between annealing treatment and the precipitation of nanoscale clusters is
the most important prerequisite for the preparation of nanocluster-strengthened
steels with a combination of high strength and ductility.

In this paper, an experimental study is reported on for the precipitation
strengthening in an ultra-high strength steel with different matrix microstructure.
Combining the mechanical properties and matrix microstructure, the effect of
matrix microstructure on the precipitation of nanoscale cluster was conducted.

Experimental Methods

A nanoprecipitates strengthened steel with a nominal composition of Fe-1.5Mn-
2.5Cu-4Ni-1Al-0.005B-1.5Mo-0.05Nb-0.1Ti-1.5W-0.08C-0.5Si (wt%) was selec-
ted for the experimental investigation. The cast ingots with a weight of ∼50 kg were
obtained by vacuum induction melting with magnetic stirring to ensure homoge-
neous distribution of alloying elements. The cast ingots were rolled to a total
reduction of 80% with a temperature of 800 °C through 8 passes. The final thickness
of the as-rolled steel plate was 12 mm. The hot-rolled sample is labeled as HR. To
identify the effects of annealing treatment on the precipitation of nanoscale clusters,
HR steel was then annealing at 750 °C for 1 h after removing the surface oxides
(labeled as 750AS). And then all the samples, HR and 750AS were aged at 525 °C
for 2 h. The aged samples are labeled as HR-AG and 750AS-AG, respectively.

Hardness measurements were conducted on a Vickers tester with a load of 1 kg
for 15 s. For each specimen, at least ten indents were measured to obtain an average
value. The matrix microstructures were characterized using optical microscopy
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(OM). The OM samples were polished to a final surface finish of 0.2 μm by
standard mechanical polishing procedures, and then etched for approximate 5–15 s
with a 4 vol.% Nital solution.

Tensile tests along the rolling direction of the samples were conducted on an
Instron 5565 testing machine at a strain rate of 10−3 s−1. The rod tensile samples
were processed into the specimens with 5 mm in diameter and 25.4 mm in gauge
length by numerically controlled lathe. Three specimens were tested in the same
condition and the average values were reported. A contacting Instron extensometer
was used to measure strain within the sample gauge upon loading. The yield
strength was determined with the 0.2% offset plastic strain method.

Results and Discussion

Figure 1 shows the optical microstructures of HR and 750AS steels. The HR steel
consists of the deformed original austenite and some recrystallized ferrites
embedded in the deformed matrix (Fig. 1a), indicating that dynamic recovery/
recrystallization is the predominant softening mechanism. After annealing at
750 °C for 1 h followed water quenching, the deformed fibrous structure of HR
steel transformed into the layered sorbite due to recrystallization (in the Fig. 1b).
And the layered sorbite were introduced long the rolling direction, the groups of
sorbite were thin and homogeneous. The orientation of sorbite showed a symmetry

Fig. 1 The optical microstructures of a HR steel, b 750AS steel, c 750AS-AG steel
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along the boundary between the layers. With aging at 525 °C for 2 h, the
750AS-AG steel was also consisted of sorbite in the Fig. 1c. It confirms that aging
treatment has no effect on the microstructure.

Microhardness measurements were conducted to evaluate the age hardening
response of the HR and 750AS steels. The microhardness values were shown in
Fig. 2. After aged at 525 °C for 2 h, the microhardness of HR and 750AS steels all
has obviously increase due to the formation of nanoscale precipitates. The hardness
increased significantly from 409 to 567 HV at an aging time of 2 h for HR steel,
while 750AS steel has an increase of 111 HV. However, the hardness of 750AS
steel has an obvious reduction than the HR steel due to the recrystallization. Aging
treatment has no influence on the above results.

The engineering stress-strain curves were presented in Fig. 3. The HR steel
showed a yield strength of ∼1098 MPa and an ultimate tensile strength of

Fig. 2 Microhardness of HR and 750AS steels before and after aging treatment

Fig. 3 Room-temperature tensile stress-strain curves of the steels
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∼1237 MPa. As for HR-AG steel, the yield strength increased dramatically to
∼1572 MPa with an elongation-to-failure 14%. Owing to the change of
microstructure, the yield strength of 750SS steel has an obvious reduce from 1098
to 743 MPa comparing with HR steel. As for 750SS-AG steel, it has an increase of
yield strength from 743 to 1237 MPa. As shown in Fig. 4, for all the two samples,
HR and 750SS steels, the increments of yield strength induced by aging were very
similar (474 MPa for HR steel, 494 MPa for 750SS steel). Owing to the different
microstructure induced by different processing routes, matrix microstructure con-
tributes different yield strength to HR and 750AS steels. However, the contributions
of precipitation strengthening were similar for HR-AG and 750AS-AG steels.
These results indicated that matrix microstructure had no effect on precipitation of
the clusters and precipitation strengthening in the ultra-high strength steel.

As compared to the HR sample, the yield strength of 750AS decreased 355 MPa
due to the change of matrix microstructure. However, the yield strength increment
of HR and 750AS after aging were comparable though two sample have different
matrix microstructure. These indicated that there was no effect of matrix
microstructure on the precipitation of nanoscale clusters and precipitation
strengthening, and the precipitation of nanoscale clusters and annealing treatment
were independent. Our previous studies also confirmed this by in similar steels [9].
Local composition fluctuation would form Cu-enriched embryos and Cu-depleted
regions, which are not rely on the matrix microstructure which was effected by the
annealing treatment. The embryos become preferential sites for nucleation of
nanoscale clusters when they reach a critical size.

Fig. 4 Schematic diagram showing the effects of precipitation strengthening
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Conclusion

In summary, the ultra-high strength steel with a tensile strength of 1.64 GPa and an
elongation of ∼14% have been successfully developed through a combination of
fine matrix microstructure and nanoscale clusters. The matrix microstructure was
controlled by the annealing treatment, which has no effect on the precipitation of
nanoscale clusters. The matrix microstructure and the precipitation of nanoscale
clusters are independent and can be controlled separately.
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The Technology Study of Silicon
Reduction of Chromite Powder
in Microwave Field

Hua Liu, Shenghui Guo, Yu Duan, Jinhui Peng, Libo Zhang
and Linqing Dai

Abstract Both chromite powder and ferrosilicon have good wave absorbing
property in microwave field, the effects of reduction temperature, reduction time,
microwave power, raw particle size and material height were investigated. The
results from laboratorial experiments have shown that the particle size, microwave
power and material layer height have obvious influence on the heating rate of the
material. When the particle size is less than 74 μm, the material heating rate
increased obviously and the conversion rate of chromium increased. With the
particle size is less than 48 μm, chromium conversion rate is highest reaching
72.13%; when the microwave power from 1300 W, the heating rate increased
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remarkable, the conversion rate of chromium is also increasing and also reduce the
heating time and save energy, but the impact on the chromium conversion rate is
not obvious; the reduction time and reduction temperature on conversion ratio of
chromium effect is very obvious, with the temperature is higher than 1200 °C and
the reduction time reduction of chromium is more favorable.

Keywords Microwave heating ⋅ Silicothermic reduction ⋅ Chromite
Heating rate

Introduction

Chromite is the main form of chromium in nature. It is a kind of equiaxed mineral,
which is composed of chromium oxides, iron oxides and other metal oxides. It is
usually expressed in (Mg, Fe2+)O(Cr, A1, Fe3+)2O3 [1, 2]. Chromite has long been a
shortage of mineral resources in China. The reserves are only 0.15 of the world, and
the ore deposits are small in size, scattered in distribution and low in ore grade [3].
The dependence on imports of chromite in China is as high as 95% [4–6]. Chromite
has a wide range of applications, mainly concentrated in metallurgy, refractory
materials and chemical in these major areas [7, 8].

Chromite as an important strategic resource, mainly used in the production of
ferrochrome, ferrochrome into high carbon ferrochrome, carbon ferrochrome, low
carbon ferrochrome and low carbon ferrochrome with different carbon content, the
carbon content is low, the added value is high. At present, low carbon ferrochrome
smelting method in the traditional is mainly divided into two categories: oxygen
blowing method and electric silicothermic method [9]. The former mainly exist in
smelting high energy consumption, long process flow, equipment use short life
shortcomings; the latter electrosilicothermic smelting low carbon ferrochromium
slag, electrode contact or radiation from the work of electrodes of carbon particles
are likely to enter the lead alloy carburizing.

According to the mechanism of the different heating methods of solid materials
can be roughly divided into two categories [10]: one is the traditional heating
methods, traditional heating mode is the mode of heat transfer by external heat by
radiation and convection from the high temperature part of the transfer to the lower
part, so has a certain temperature gradient, leading to the heating rate has been
greatly restricted and can not too fast; the other is the microwave heating, which is
different from the traditional heating method and is a new way of heating with clean
and efficient, the heating mechanism is the microwave electromagnetic energy into
heat and heat effect depends on the dielectric loss of material in microwave field
and produce, there is a close relationship between polarization and molecular
materials and as long as microwave energy and is absorbed through the material can
achieve the purpose of heating [11, 12]. Microwave energy as a clean and efficient
new heating energy [13, 14], its biggest advantage is that the powder material can
be selectively heated [15–17]. Microwave heating of chromite ore powder with
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silicon can combine the microwave heating characteristics with the self reduction
characteristics of the chromite ore with silicon, and realize the simple and efficient
use and disposal of the increasing chromite powder [18], but there is still a lack of
research on its technology. Therefore, this paper explores key issues of chromite
process control microwave field silicon thermal reduction, in-depth study of the
main factors of raw material size, reduction time, reduction temperature, microwave
power and the effect of material layer height on the heating up performance and Cr
conversion rate of microwave reduced silicon chromite.

Experiment

Material Properties

The chromite powder used in the experiment was supplied by a company in
Liaoning, Jinzhou, as a chromite in South Africa. The sample composition of
chromite powder is shown in Table 1. The particle size composition is shown in
Table 2. The trend of particle size distribution of chromite powder is shown in
Fig. 1, and the XRD diagram is shown in Fig. 2.

Table 1 shows the content of Cr2O3 is 40.82%, the content of FeO is 14.10%, the
ratio of chrome and iron (Cr2O3/FeO) is 1.69. Iron chromium (Cr2O3/FeO) refers to
the Cr2O3 and FeO in chromite (the actual content of FeO and TFe are converted to
the sum of FeO content), the same grade is an important index for evaluating the
chromite deposits, for smelting ferrochrome alloy melting and reduction of chro-
mite ore has certain reference evaluation function the. This experiment used the
chromite powder not only content of Cr2O3 is higher, but also content of TFe is
higher, so the material of the ferrochrome actually is lower, ferrochrome with the
low ratio of chromite ore, even if the Cr2O3 grade is higher, it is not very easy to
smelt high grade chrome alloy. Seeing from Table 1, Al2O3 and MgO are
respectively 13.04% and 10.83% in chromite powder, has a high percentage, and
Al2O3, MgO and composition of gangue minerals with high melting point which
easy to cause the refractory ore, difficult reduction and also increase the difficulty of
chromite reduction.

Although the chromite used in this experiment is powder, the particle size dis-
tribution of the chromite powder is unknown. Therefore, the particle size of
chromite power is analyzed by laser particle size analyzer.

From the Fig. 1 and Table 2 analysis, D50 indicates the median size is
179.273 μm. That is to say, when the percentage of total particle size distribution of

Table 1 Main chemical composition of chromite powder %

Cr2O3 FeO SiO2 Al2O3 CaO MgO TFe Cr2O3/FeO

40.82 14.10 5.02 13.04 2.4 10.83 19.85 1.69
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chromite ore is 50%, the particle size is 179.273 μm, so the chromite powders used
in the experiment with average particle size reach 179.273 μm, as if particle size is
too big that not conducive to the reaction.

Table 2 Particle size composition of chromite powder

D10 D50 D90 D97

25.707 μm 179.273 μm 362.236 μm 390.088 μm

Volume cumulative distribution(%) Map distribution of (particle) size Volume frequency distribution(%)

size (μm)

Fig. 1 Trend diagram of particle size distribution of chromite powder
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Fig. 2 XRD of chromite

Table 3 Main chemical composition of ferrosilicon powder (wt%)

Fe O Si C Ca Mg Cr P S Al

50.13 38.48 6.65 2.82 0.48 0.48 0.07 0.03 0.02 0.26
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The results of XRD analysis of chromite samples shows that the main phase are
(Mg, Fe) (Cr, Al)2O4 and (Fe, Mg) (Cr, Fe)2O4, secondary phase are Fe3O4,
MgCr2O4 and MgAlFe1.2O4.

The reducing agent used in the laboratory is ferrosilicon powder. The results of
industrial analysis and chemical composition of ash are shown in Table 3.

Microstructure of Chromite Powder

Figure 3 is the SEM of the chromite powder of different magnification under the
condition of ore morphology, from the figure can be concluded that the reason why
the chromite powder is hard to recover is that the surface is dense and smooth, and
the crystalline degree of the mineral is good. Which also contribute to the traditional
smelting temperature is generally higher than 1650 °C.

Microwave Heating Furnace

The experiment instrument is a self-developed good microwave metallurgical fur-
nace with sealing performance of heating mixing material, the adjustable power
range was 0–6 kW, and the microwave frequency was 2.45 GHz; with a tungsten
rhenium thermocouple (measuring range: 0–1800 °C) measure the sample

250X 500X 1000X

2500X 5000X 15000X

Fig. 3 SEM of chromite
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temperature. Figure 4 shows the experiment setup in the microwave cavity, with a
length of 400 mm, a width of 375 mm, a height of 235 mm.

The experimental materials were chromite powder from South Africa, ferrosil-
icon alloy powder as reducing agent, CaO powder (industrial pure) as flux, and their
components were shown in Tables 1 and 3 respectively. The raw material was
prepared by using the sample making mechanism, and the particle size was less
than 74 μm (−200 mesh), according to the theoretical calculation proportion
weighted and uniformly mixed into the Si chromite ore powder which could meet
the smelting standard. By using Al2O3 crucible of 100 ml, after took a natural
material and placed them in a microwave heating furnace (atmospheric pressure and
atmosphere) and selected microwave heating power (1.5 kW) to heat up to the
required temperature for microwave reduction.

After the reduction products were broken and prepared the sample, chemical
phase analysis and XRD analysis were used to determine the content of chromium
(M Cr) in the reduction products. The content of T Cr in the reducing sample was
determined by the oxidation-reduction capacity method. The calculation method
was as follows: [19].

ηCr=MCr ̸T Cr, 100%

Fig. 4 Experiment setup in the microwave cavity. 1-Furnace door; 2-Port hole; 3-Microwave
cavity; 4-Power switch; 5-Capacity control; 6-Insulation material; 7-Materials; 8-Exhaust hole;
9-The device of temperature measurement and control
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In this formula, ηCr—Reduction rate of chromium metal, %; M Cr—Chromium
content in reducing sample, %; T Cr—Content of total chromium in reducing
sample, %.

Research on Wave Absorbing Property of Raw Materials

Taking chromite power and ferrosilicon powder as 50 g, researching the microwave
absorbing property with microwave frequency of 2.45 GHz and power of 1.5 kW
of in microwave oven was investigated. Figures 4 and 5 show the heating char-
acteristic curves of chromite powder and ferrosilicon powder in the microwave
field. It can be seen that the chromite powder was heated to 1200 °C about in
6 min, the heating rate was 200 °C/min, and the ferrosilicon powder was also
heated up to 1200 °C approximately 6 min, the heating rate was around
200 °C/min. From heating rate, it can be concluded that chromite powder and
ferrosilicon powder have good wave absorbing property (Fig. 6).

Results and Analysis

Effect of Particle Size on Temperature Rising Curve
and Chromium Conversion

In the experiment, according to calculating, with 30% of the excess reducing agent
(ferrosilicon powder), the flux of calcium oxide powder 30%, chromite powder
40%, the total amount of material of 96 g under the condition of different particle
size on the temperature curve and explored the effect of chromium conversion.

Fig. 5 Temperature rise
characteristic curve in the
microwave field of chromite
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Mixture have been heated at 1200 °C, with microwave power 1500 W and the
reduction time 60 min.

Figure 7 shows that with the decrease of the particle size, the heating rate is
increasing and reduction time decreased, when the material size is less than −100
and −150, the heating rate does not appear too obvious difference. In other three
sets of data, the particle size of −300 heating rate was the fastest, especially when
after the heating time 12 min, rapidly heated up to 1200 °C, followed by −250 and
−200, for the particle size of −300 and −200, the reduction time gap was 3–4 min.
Table 4 shows that the smaller the particle size is, the higher the conversion rate of
chromium. The conversion rate of chromium is the highest, with the particle size of
−300, the conversion of chromium metal reaching 72.13%. Because the finer
particle size of the mineral powder can help to increase the contact area between the
materials, which is beneficial to the reaction.

Fig. 6 Temperature rise
characteristic curve in the
microwave field of
ferrosilicon

Fig. 7 Temperature rise
characteristic curve in
different particle size

172 H. Liu et al.



Effect of Microwave Power on Temperature Rising Curve
and Chromium Conversion

In the experiment, based on calculating, with 30% of the excess reducing agent
(ferrosilicon powder), the flux of calcium oxide powder 30%, chromite powder
40%, the total amount of material under the condition of 96 g of different micro-
wave power and heating rates affect the conversion rate of chromium mixed
material. The materials with different microwave power were heated to 1200 °C,
the reduction time is 60 min, combined the size distribution of synthetic material
and Table 4. The size of reaction material was −200 in this group.

Figure 8 shows that with the increase of microwave heating power, the heating
time required to reach a reduction temperature of 1200 °C is gradually decreasing.
There is no obvious difference in 12 min before heating rate of the five groups in
the total material, after 12 min 1300 W and 1400 W heating rate relative to the
other three groups was significantly increased, when the microwave power is
1400 W, about 19 min, the mixed material can be heated to 1200 °C. In the
microwave power of 1000 and 1100 W, the heating rate is not as large as the
overall difference.

As shown in Table 5, the conversion rate of Cr is different under different
microwave heating power. The conversion rate of Cr increases with the increase of
microwave power, and the range of increase is also increasing.

Table 4 Conversion of chromium metal at different particle size

Size −100 −150 −200 −250 −300
Conversion (%) 70.70 71.13 71.64 71.89 72.13

Fig. 8 Temperature rise
characteristic curve in
different microwave power
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Effect of Reduction Temperature on Chromium Conversion

In the experiment, according to calculating, with 30% of the excess reducing agent
(ferrosilicon alloy powder), the flux of calcium oxide powder 30%, chromite
powder 40%, the total amount of material under the condition of 96 g to explore the
effect of reduction temperature on conversion rate of chromium, microwave power
1500 W, the reduction time is 60 min, size of material selection −200.

Figure 9 shows that chromium conversion rate increases with increasing
reduction temperature, the initial stage of the growth rate was significantly
increased, but the rate is more and more small, when the reduction temperature is
1400 °C, chromium conversion rate of 74.47%. Because the reduction of chromium
minerals is a strong endothermic reaction, the higher the temperature, the more
beneficial to the reduction of chromium.

Effect of Reduction Time on Chromium Conversion

In the experiment, according to calculating, with 30% of the excess reducing agent
(ferrosilicon alloy powder) 30%, the flux of calcium oxide powder, chromite
powder 40%, explored the effect of reduction time on chromium conversion rate of

Table 5 Conversion of chromium metal at different microwave power

Power (W) 1000 1100 1200 1300 1400
Conversion (%) 70.16 70.34 70.53 70.83 71.29

Fig. 9 Effect of reduction
temperature on chromium
conversion
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total amount of material of 96 g under the condition of different microwave power
material heated to 1200 °C, microwave power 1500 W, the reduction time is
30–180 min, the particle size of −200.

Figure 9 shows that the process of reduction time from 30 min to 180 min, the
conversion rate of chromium has been increasing, but the rate of increase is more
and more small, experiment, prolonged reduction time, basically has no obvious
trend, the effect is not obvious. Therefore, the conversion of chromium will increase
as the reduction time increases, but not the longer the reduction time, the better.

Effect of Material Height on Heating Rate and Chromium
Conversion

In the experiment, the effects of the height of the five groups of 1.8 cm, 2.6 cm,
3.3 cm, 3.9 cm and 4.4 cm on the heating rate and Cr conversion rate of the mixed
materials were investigated respectively. The corresponding alumina crucibles of
300, 200, 150, 100 and 50 ml were adopted in the experiment. The reduction
temperature is 1200 °C, the microwave power is 1500 W, the reaction material
granularity is −200, and the reduction time is 30 min (Fig. 11).

Combination with Fig. 10 and Table 6, the results show that with the decrease of
the material height, the rate of heating rate is faster, but the influence on the
conversion of chromium is not obvious. The problem with the experiment is that, in
the two sets of 1.8 and 2.6 cm, the crucible is easy to break because of the high
heating rate, so it is not as thin as possible.

Fig. 10 Effect of reduction
time on chromium conversion
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Conclusions

1. The particle size, microwave power and material height have obvious influence
on the rate of heating up. When the particle size is less than −200, the heating
rate of the mixture increases obviously, and the conversion rate of chromium is
the highest at −300, reaching 72.13%; when the microwave power starts from
1300 W, the heating rate increases obviously, and the conversion rate of
chromium increases too. The decrease of material height also has obvious
influence on the rate of heating up, but the influence on the conversion rate of
chromium is not obvious.

2. The effect of reduction time and reduction temperature on the conversion of
chromium is very obvious. When the temperature is higher than 1200 °C,
prolonging the reduction time is more beneficial to the reduction of chromium.
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Influence of Co-doping on the Crystal
Structure, Magnetocaloric Properties
and Elastic Moduli of the La(Fe, Si)13
Compound

Dan Huang, Ronghui Kou, Jianrong Gao, Amanda Haglund,
Jiaqiang Yan, Veerle Keppens, David Mandrus and Yang Ren

Abstract The La(Fe, Si)13 compound shows a large magnetocaloric effect near
room temperature. Partial substitution of Co for Fe can raise its Curie temperature
and reduce the thermal hysteresis of its ferromagnetic transition. However, the
influence of Co substitution on the crystal structure and magnetocaloric properties
of La(Fe, Si)13 is not well understood yet. In this work, we report a comparative
study of the crystal structure, magnetocaloric effects and elastic moduli of poly-
crystalline LaFe11.5Si1.5 and LaCoFe10.5Si1.5 samples using synchrotron radiation
X-ray diffraction, magnetic measurements and resonant ultrasound spectroscopy.
Compared to the Co-free sample, the Co-doped sample shows a sluggish ferro-
magnetic transition and reduced volumetric expansion as well as softer elastic
moduli at room temperature. The Co-doped sample also shows stronger temperature
dependence of Fe-Fe distances in its ferromagnetic state. Such differences between
the samples are explained by considering the influence of Co doping on ferro-
magnetic interactions and lattice entropy.
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Introduction

In the past two decades, many intermetallic compounds [1–4] were found to show a
large magnetocaloric effect (MCE), which can be used in room-temperature mag-
netic refrigeration. Among those compounds, the La(Fe, Si)13 compound of a
NaZn13-type cubic structure has attracted much attention because of multiple
advantages. Compared with other compounds, it shows a large MCE under a low
magnetic field. It has a low cost of raw materials. It does not contain any toxic
elements. However, it has disadvantages as well. For example, it appears difficult to
prepare a single-phase material by ingot casting. The difficulty is related to the
peritectic formation of La(Fe, Si)13 following primary α-(Fe, Si) in casting [5]. The
peritectic reaction is often incomplete leading to serious chemical segregation of
as-cast ingots. Consequently, the ingots have to be annealed at high temperatures
for a long time. Two novel methods were invented to shorten the time of annealing
for preparation of the single phase material. One method combined rapid quenching
to prepare the starting material [6], and the other method employed sintering of
mixed powders [7]. Another disadvantage of La(Fe, Si)13 is a low Curie temper-
ature, TC. Palstra et al. [8] showed many years ago that increasing Si concentration
can increase the TC of La(Fe, Si)13 [4]. But, they did not investigate the effect of Co
substitution on MCE. Hu et al. [9] found that partial substitution of Fe by Co can
raise the TC to room temperature without a significant decrease of the MCE. Fujita
et al. [10] showed that introduction of interstitial hydrogen to the 1:13 phase can
increase the TC without reducing the MCE as well. Kim Anh et al. [11] showed that
partial substitution of La by Nd increases the TC at the cost of the MCE. In contrast,
partial substitution of La by Ce or Pr [12, 13] lowers the TC and increases the MCE.
Such technical progress has made La(Fe, Si)13 promising for room-temperature
magnetic refrigeration applications.

Efforts were also made to understand the origin of the MCE of La(Fe, Si)13. As
usual, the MCE of La(Fe, Si)13 can be related to a first-order ferromagnetic tran-
sition, which brings about a large change of the magnetization and thus a large
change of magnetic entropy of the bulk material. Fujita et al. [14] related the MCE
to an itinerant electron metamagnetic transition, which is of the first order and is
accompanied by a large volumetric change. It is accepted that both transitions are
important. Other studies were focused on a fundamental understanding of ferro-
magnetic interactions. Wang et al. [15] suggested a correlation between the lattice
parameter and magnetic moments of Fe atoms after a neutron diffraction study of
LaFe11.4Si1.6. Rosca et al. [16] investigated LaFe11.31Si1.69 and the LaFe11.31-
Si1.69H1.45 using the neutron diffraction technique and suggested that increase of the
TC by introduction of interstitial hydrogen atoms is due to the increase of ferro-
magnetic interactions by the enlargement of Fe-Fe distances. Despite such progress,
the relations between the crystal structure and the bulk magnetism of La(Fe, Si)13-
based compounds have not been well understood yet. In the present work, we
carried out a comparative study of the thermally induced structure change, mag-
netism and elastic moduli of LaFe11.5Si1.5 and LaFe10.5CoSi1.5 for the purpose of
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having insight into the mechanism of how Co substitution alters the TC and the
MCE of La(Fe, Si)13.

Materials and Methods

Polycrystalline samples of LaFe11.5Si1.5 and LaFe10.5CoSi1.5 composition were
prepared by melting of elemental materials in an arc-furnace under the protection of
high-purity argon atmosphere. The purities of raw materials were 99.9% for La and
99.99% for Fe, Co and Si. An excess mass of elemental La, ∼5%, was empirically
added to the raw materials to compensate for its loss during melting. The samples
were melted four times to ensure homogeneity. Individual samples had a mass of
about 1.0 g after melting. They were sealed in an evacuated quartz tube and
annealed at 1523 K for 4 h.

The crystal structure of the samples was studied in situ using high-energy X-ray
diffraction (HEXRD) with a wavelength of λ = 0.11725 Å at the beam line
ID-11-C of the Advanced Photon Source, Argonne National Laboratory. The
samples were crushed into fine powders of approximately 45 μm in diameter and
compacted into an epoxy resin pipe. In the measurements, the samples were heated
to 400 K and then cooled down to 90 K in a step wise manner. The temperature of
the samples was measured with an accuracy of ±1 K using a sensor placed close to
the sample. At each temperature step, the samples were held for 3 min to achieve a
thermally stabilized state. The diffraction rings of the samples were captured using a
2D detector and were integrated using the Fit-2D software. The lattice parameters
and bond lengths of the samples were obtained by Rietveld refinement using the
General Structure Analysis System (GSAS) software [17]. Small cubes were cut
from the annealed bulk samples of LaFe11.5Si1.5 and LaFe10.5CoSi1.5 to perform
mechanical measurements using a resonant ultrasonic spectroscopy (RUS) probe.
The elastic moduli of the samples at room temperature were obtained by an analysis
of resonant frequencies. The magnetization measurements were performed using a
vibrating sample magnetometer (VSM) attached to Quantum Design Supercon-
ducting Quantum Interference Device (SQUID). Isothermal magnetization data
were obtained crossing the Curie temperature with a step of 5 K under the magnetic
field of 0-2 T.

Results

Figure 1 shows the HEXRD patterns of the LaFe11.5Si1.5 and LaFe10.5CoSi1.5
samples during cooling. The samples crystallize mainly into the NaZn13-type cubic
structure after the short time annealing. However, they contain a small amount of
secondary phases, which were identified as LaFeSi and La(Fe, Co)Si of a tetragonal
structure, respectively. When the samples are cooled, the diffraction peaks of the
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cubic phase show an obvious shift due to thermal expansion. No new diffractions
were detected during cooling, indicating that their crystal structures are not chan-
ged. The only difference is that the (420) diffraction peak of LaFe10.5CoSi1.5 shows
a high intensity at the temperature of 300 and 120 K compared to other tempera-
tures. This phenomenon implies that a temporary strain occurs to in the samples
which results from the thermal stress during cooling.

Figure 2 shows temperature dependence of lattice parameters of the two samples
during cooling. The lattice parameter of LaFe11.5Si1.5 shows normal contraction at
temperatures above 240 K. A negative expansion phenomenon was observed in the
temperature range 150–240 K. After cooling below 150 K, the lattice parameter
shows little change with temperature. Such observations agree with neutron
diffraction studies of similar materials by Wang et al. [15] and Rosca et al. [16].
However, the change of the lattice parameters of the present samples crossing the
ferromagnetic transition is sluggish compared to observations of those studies. The
negative expansion of LaFe10.5CoSi1.5 occurs at a higher temperature than that of
the Co-free sample. Note that the lattice parameter and the unit cell volume of
LaFe10.5CoSi1.5 are enlarged by 0.18% and 0.54%, respectively, compared to those
of the Co-free sample. Such changes suggest that the partial substitution of Co for
Fe reduces the negative thermal expansion.

Figure 3 shows variations of lengths of chemical bonds of the samples. Atten-
tion is paid to the interatomic distances between neighboring Fe atoms, which
determine ferromagnetism of the bulk material. There are four kinds of Fe2-Fe2
bond lengths in the La(Fe, Si)13 lattice. Two kinds lie in the same icosahedron
(denoted as Fe2-Fe2_a and Fe2-Fe2_b), whereas the other kinds lie between
neighboring icosahedra (denoted as Fe2-Fe2_c and Fe2-Fe2_d). As shown in
Fig. 3a, the lengths of the four kinds of Fe2-Fe2 bonds show similar changes with

Fig. 1 Powder X-ray diffraction patterns of the polycrystalline samples of the LaFe11.5Si1.5
(a) and LaFe10.5CoSi1.5 (b) compounds during cooling. The dashed circles represent the
(420) diffraction peak of LaFe10.5CoSi1.5 in which a higher intensity shows at the temperature of
300 and 120 K compared to other temperatures. (hkl) represents the 1:13 phase, ▼represents the
secondary phase (1:1:1 phase)
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decreasing temperature. With the partial substitution of Co for Fe, the four kinds of
Fe2-Fe2 bond lengths are increased by 0.52% relative to their values at room
temperature. As shown in Fig. 3b, the variations of the lengths of the La-Fe2 and
Fe1-Fe2 bonds during cooling are similar to those of the lattice parameters. With the
partial substitution of Co for Fe, both the La-Fe2 and the Fe2-Fe2 bond lengths are
increased by 0.52% relative to the Co-free sample at room temperature. Such
changes are equivalent to those observed for the Fe2-Fe2 bonds.

Figure 4a and Figure 4b show isothermal magnetization curves of LaFe11.5Si1.5
and LaFe10.5CoSi1.5, respectively. At low temperatures, the curves display a
characteristic ferromagnetic behavior. The magnetization is small when a low
magnetic field is applied at temperatures above TC. The magnetization increases
with decreasing temperature. By integration of the measured data of isothermal
magnetization, the maximum magnetic entropy changes of LaFe11.5Si1.5 and
LaFe10.5CoSi1.5 were determined to be 7.85 and 5.14 J kg−1 K−1 for a change of the
magnetic field of 2 T, respectively.

Fig. 2 Temperature
dependence of lattice
parameters of the
LaFe11.5Si1.5,
LaFe10.5CoSi1.5, LaFe11.4Si1.6
and LaFe11.31Si1.69
compounds during cooling

Fig. 3 Temperature dependence of a Fe2-Fe2 and b La-Fe2, Fe1-Fe2 bond lengths of the
LaFe11.5Si1.5 and LaFe10.5CoSi1.5 compounds during cooling
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Table 1 shows the measured elastic moduli, Young’s moduli and Poisson’s ratio
of LaFe11.5Si1.5 and LaFe10.5CoSi1.5. The Young’s moduli and Poisson’s ratio were
calculated in terms of the measured longitudinal moduli and the shear moduli. The
LaFe10.5CoSi1.5 sample shows soft elastic moduli at room temperature compared to
the Co-free sample. This difference reflects a critical influence of the Co substitution
for Fe on the lattice as discussed below.

Discussion

Sluggishness of Negative Thermal Expansion

The present results showed sluggish changes of the lattice parameter of
LaFe11.5Si1.5 crossing its ferromagnetic transition compared with previous obser-
vations [15, 16]. This difference can be attributed to a difference in the sample
preparation conditions. In this study, the annealing time is much shorter while the
annealing temperature is higher. Although the present sample was determined to
crystallize mainly into the NaZn13-type cubic phase, diffusion of atoms may not be
sufficient to achieve chemical homogeneity on a microscopic scale. It was shown
elsewhere [5] that primary α-(Fe, Si) phase has a higher Si concentration than that

Fig. 4 The isothermal magnetization curves of a LaFe11.5Si1.5 and b LaFe10.5CoSi1.5 under the
maximal magnetic field of 2 T

Table 1 Elastic moduli, Young’s moduli and Poisson’s ratio of LaFe11.5Si1.5 and LaFe10.5CoSi1.5
at room temperature

Sample Longitudinal
modulus (GPa)

Shear modulus
(GPa)

Young’s
modulus (GPa)

Poisson’s
ratio

LaFe11.5Si1.5 134.53 44.05 110.70 0.257

LaFe10.5CoSi1.5 111.42 43.49 102.63 0.180
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of the bulk material. Accordingly, the grains of La(Fe, Si)13 have a lower Si
concentration as a peritectic solidification product. During annealing, insufficient
diffusion of Si atoms will bring about a gradient of the Si concentration inside the
grains of La(Fe, Si)13. In other words, some regions are rich in Si, whereas other
regions are depleted in Si. This variation of local Si concentration can bring about a
distribution of the ferromagnetic transition temperature. As a result, the negative
thermal expansion crossing the ferromagnetic transition becomes sluggish. The
same inhomogeneity of distribution of elemental Si may exist in the Co-doped
sample. Thus, the slower increase of the negative thermal expansion is also
expected. For this reason, the annealing time of the samples needs to be increased in
order to ensure a chemical homogeneity on a scale of lattice parameters, i.e. on a
nanometer scale.

Mechanism of the Influence of Co Doping on TC

Observed effects of alloying elements on the TC of La(Fe, Si)13 were often correlated
to enlargement or shrinkage of the cubic lattice. As shown in Fig. 5, this correlation is
true for the TC and lattice parameters of Co- or H-doped La(Fe, Si)13 compounds as a
function of doping amount [18–21].However, the correlation fails between theTC and
lattice parameter of LaFe13-xSix [22, 23]. A high Si concentration increases the TC but
reduces the lattice parameter. Therefore, it is not reasonable to correlate the change of
the TC with the change of the lattice parameter. Rather, it is reasonable to correlate the
increase of the TC by chemical modification of La(Fe, Si)13 to a change of Fe-Fe
magnetic interactions [15, 16]. It is known that the Fe-Fe magnetic interactions
depend critically on the distances between neighboring Fe atoms, i.e. the lengths of
Fe-Fe bonds [24]. As the bond length is shorter than 2.45 Å, the anti-ferromagnetic
coupling is stronger than the ferromagnetic coupling is. The ferromagnetic coupling
becomes stronger if the bond length is larger than 2.45 Å. The present work showed
that the partial substitution of Co for Fe elongates the Fe-Fe bond lengths. This
structural change promotes the ferromagnetic coupling between Fe atoms leading to a
more stable ferromagnetic phase. As a result, the TC is increased.

Mechanism of the Influence of Co Doping on the MCE

According to the work by Jia et al. [25] and Mukherjee et al. [26], the experi-
mentally observed magnetic entropy change, namely apparent magnetic entropy
change, of a ferromagnetic material actually represents a sum of the net change of
magnetic entropy and the change of the lattice entropy, if the electronic entropy can
be ignored. Moreover, the lattice entropy change, arising from the change of lattice
vibration at the ferromagnetic transition, is large and cancels out much of the
magnetic entropy change of La(Fe, Si)13 [25, 27]. It was determined that the

Influence of Co-Doping on the Crystal Structure … 187



magnetic moments of Co and Fe atoms of La(Fe, Co, Si)13 are 1.72 μB and 2.22 μB,
respectively [18]. Thus, the magnetic entropy change decreases upon the substi-
tution of Co for Fe. Balli et al. [28] reported that the magnetic entropy change is
decreased by about 46% upon the substitution of 0.6 at.% Co for Fe. Similarly, the
magnetic entropy change is decreased by about 34.5% in the present study. This
decrease cannot be explained by considering the difference in the magnetic
moments of Co and Fe atoms only. Apparently it is the influence of Co doping on
the configurational entropy related to the microscopic chemical homogeneity that
causes a more rapid decrease of the apparent magnetic entropy change. According
to the present results, the doping of Co causes more inhomogeneous changes of
bond lengths with declining temperature. In this sense, the doping of Co atoms may
have enlarged the configurational entropy change leading to a larger reduction of
the magnetic entropy change.

A linear decrease of Young’s modulus with increasing temperature was observed
for LaFe10.54Co1.43Si1.03, and attributed to the increase of the thermal vibrations
[29]. It was supposed that large vibrations of atoms increase the mean lattice
parameter and thus weaken the bonding between magnetic atoms [29]. In this study,
the lattice expansion and the softening of the elastic moduli were observed in the
Co-doped sample at room temperature. Both changes may enlarge the thermal
vibrations and therefore are responsible for the reduced magnetic entropy change of
the Co-doped sample.

Fig. 5 Concentration dependence of Curie temperature and lattice parameters during cooling. The
change of the Curie temperature of LaFe13-xSix (1.4 ≤ x ≤ 2.0), LaFe11.57Si1.43Hx (0 ≤ x ≤
2.3), LaFe11.6-xCoxSi1.4 (0.1 ≤ x ≤ 0.8) compounds with concentration x. The lattice parameters
of LaFe13-xSix (1.2 ≤ x ≤ 2.0), LaFe11.5Si1.5Hx (0 ≤ x ≤ 2.0), LaFe11.8-xCoxSi1.2 (0.66 ≤ x ≤
1.45) compounds at room temperature. Data are taken from Refs. [17–22]
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Conclusion

The crystal structure, magnetocaloric properties and elastic moduli of the
LaFe11.5Si1.5 and LaFe10.5CoSi1.5 samples have been investigated. The LaFe10.5-
CoSi1.5 sample shows a higher TC, a reduced MCE and softer room-temperature
elastic moduli than those of the LaFe11.5Si1.5 sample. The higher TC can be
attributed to the increase of the Fe-Fe bond lengths by the Co substitution for Fe,
which promotes the ferromagnetic coupling. On the other hand, the substitution of
Co for Fe enlarges the configurational entropy of the cubic lattice and thus causes
the rapid decrease of the MCE together with a magnetic diluting effect.
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Mass Transfer in High-Temperature Laser
Confocal Microscopy

Stephano P. T. Piva, Dai Tang, Deepoo Kumar
and Petrus Christiaan Pistorius

Abstract High-temperature laser confocal microscopy allows in situ observation
of the sample surface while the temperature and gas atmosphere are controlled.
Because of the relatively small sample size (diameter around 5 mm) mass transfer
between the sample and the furnace atmosphere can be rapid. When studying liquid
steel samples, evaporation from the steel surface can be sufficiently rapid to
influence observations. In previous work, magnesium oxide inclusions (at the
surface of liquid steel) were shown to shrink by dissolution, during observation by
laser confocal microscopy. Inclusion dissolution was driven by evaporation of
magnesium from the steel surface. In the work presented here, the rate of
sample-gas mass transfer in a high-temperature confocal microscope was measured
based on evaporation of manganese. The mass transfer rate can be estimated by
simple static diffusion from the sample surface.

Keywords Confocal laser scanning microscopy ⋅ Mass transfer
Evaporation ⋅ High temperature observation

Introduction

For more than two decades, groundbreaking research in Materials Science has used
high-temperature confocal scanning laser microscopy (HT-CSLM). The technique
enables in situ observation of materials up to 1700 °C with versatility of experi-
mental design, permitting the use of different gaseous atmospheres and a wide range
of possible sample heating and cooling rates. Assessing the possible phenomena
occurring in a HT-CSLM experiment is necessary to critically interpret the out-
comes and design new experiments.

S. P. T. Piva ⋅ D. Tang ⋅ D. Kumar ⋅ P. C. Pistorius (✉)
Department of Materials Science and Engineering, Center for Iron and Steelmaking Research,
Carnegie Mellon University, 5000 Forbes Avenue, Pittsburgh, PA 15213, USA
e-mail: pistorius@cmu.edu

© The Minerals, Metals & Materials Society 2018
The Minerals, Metals & Materials Society, TMS 2018 147th Annual Meeting
& Exhibition Supplemental Proceedings, The Minerals, Metals & Materials Series,
https://doi.org/10.1007/978-3-319-72526-0_18

193



HT-CSLM has been very important in the observation of non-metallic inclusions
in steel and the behavior of these particles at a gas-liquid interface [1, 2].
Agglomeration and coarsening phenomena are of particular interest since the
appearance of very large inclusions or clusters can induce mechanical failure by
fatigue in parts made of steel [3] or cause clogging during continuous casting [4].
Their rate of removal also depends on their size distribution [5].

The large area-to-volume ratio of CSLM samples may cause rapid loss of solutes
to the gas phase around the heated sample; this has been observed in previous work
[6]. Another indication of mass transfer to the gas (in our laboratory) is the
deposition of alloying elements, fumed from a molten high-alloy steel sample, on
the CSLM chamber walls. In this paper, the gas mass transfer coefficient is quan-
tified using molten manganese and iron-manganese alloys, measuring mass loss by
evaporation.

Experimental Work

The high-temperature confocal laser scanning microscope setup used is shown in
Fig. 1. The Fe-Mn alloys were pre-melted from electrolytic iron and electrolytic
manganese in an induction furnace. Samples of pure manganese and Fe-Mn alloys
were weighed and placed in dense alumina crucibles (9 mm outer diame-
ter × 4 mm high). The crucible containing the metallic sample was placed on the
B-type thermocouple sample holder inside the CSLM chamber; the chamber was
evacuated and then backfilled with Cu and Mg-gettered Ar ðpO2 ∼ 10− 20 atmÞ. The
volumetric flowrate of Ar at the inlet was maintained at 250 cm3/min (for 25 °C and
1 atm), with an overpressure of 10 kPa inside the chamber. After stability of
atmosphere oxygen content was reached (measured with an oxygen probe in the gas
outlet; see Fig. 1), the sample was heated to a temperature above melting point at a
heating rate of 500 K/min and then held at temperature for a defined time. After
holding, heating was turned off and the samples were quenched by the Ar atmo-
sphere. The weight of the resulting metal droplet was measured using a 0.0001 g
resolution scale. The experiments are summarized in Table 1, also showing the
calculated vapor pressures of Fe and Mn at the experimental temperatures [7].

Results

The results for weight loss in the HT-CSLM for each sample are listed in Table 2.
The surface area of each sample was calculated assuming that the density of Mn is
5.95 g/cm3 and that of the Fe-Mn alloys is 7 g/cm3, when molten [8]. The samples
were approximately hemispherical in shape.
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The mass transfer expression for the rate of manganese loss due to evaporation
from the surface of the molten metal can be written as in Eq. 1:

1
A
dN
dt

= k
pvapMn − patmMn

RT

� �
ð1Þ

In Eq. (1), A is the metal-gas area, N is moles of metal evaporating, k the mass
transfer coefficient for gaseous mass transfer from the droplet surface, pMn

vap is the

Fig. 1 Schematic of HT-CSLM used in the experiments

Table 1 Summary of specimens for Mn evaporation analysis in HT-CSLM

Sample wt%Mn Temperature (K) Holding times (s) pMn (Pa) pFe (Pa)

Mn-100 100 1773 250, 375 2249 –

Mn-002 2 1823 1200 72 4
Mn-006 6 1823 600 217 4

Table 2 Manganese evaporation results from HT-CSLM

Sample Initial
mass (g)

Mass
loss (g)

Surface area
(cm2)

Evaporative flux of Mn
(10−3 mol/m2s)

Mn-100-250 s 0.3395 0.0072 0.57 9.2
Mn-100-375 s 0.3323 0.0029 0.56 7.5
Mn-002-1200 s 0.3661 0.0013 0.54 0.4
Mn-006-600 s 0.3097 0.0018 0.48 1.1
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manganese vapor pressure at the droplet surface, pMn
atm is the manganese pressure in

the chamber, R is the ideal gas constant, and T is absolute temperature.
The concentration of metal in the chamber atmosphere is negligible, therefore

patmMn = 0. If it is assumed that the evaporation reaction is not rate determining (as
shown in the next section), the experimental mass transfer coefficient for the gas
phase can be obtained by a linear regression of the interfacial concentration of Mn
given by its equilibrium vapor pressure and the observed molar flux of manganese.
The obtained value of kgas is 5.5 × 10− 2 m ̸s (see Fig. 2).

Discussion

In the absence of mass transfer limitations, the maximum rate of evaporation as
given by the Hertz-Knudsen equation [9] (Eq. 2):

1
A
dNMe

dt
=

pvapMeffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
2πMMeRT

p ð2Þ

In Eq. 2, pMe
vap is the equilibrium vapor pressure of the evaporating metal, and

MMe its molar mass. For pure manganese (vapor pressure as in Table 1) the
maximum evaporation rate is 31 mol/m2s, which is several orders of magnitude
larger than the experimental value. Therefore, mass transfer through the gas
atmosphere from the droplet surface controls Mn removal.

The diffusivity of metallic atoms through argon were experimentally and theo-
retically assessed by Grieveson and Turkdogan [10, 11]. The Lennard-Jones
potential parameters for metal vapor can be estimated using the molar volume and
the boiling temperature [8, 12] of the liquid metal, using Eqs. 3 and 4 and the values
in Table 3.

Fig. 2 Effect of equilibrium
Mn concentration in gas on
observed Mn flux
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σ =1.166 Vmð Þ1 ̸3 ð3Þ
∈
k

=1.92ðTbÞ ð4Þ

Assuming that the enveloping gas is at 298 K and the droplet is at 1823 K, the
diffusivity at the film temperature of 1061 K is estimated to be 1.3 cm2 ̸s, or
1.3 × 10− 4 m2 ̸s. The droplet radius was 2.9 mm, so the characteristic length of the
evaporating droplet was d=5.8 × 10− 3 m. The Sherwood number for mass transfer
can be calculated using the experimental kgas, calculated DMn−Ar and d (Fig. 3).

Sh=
5.5 × 10− 2 m

s
� �

×5.8 × 10− 3 m½ �
1.3 × 10− 4 m2

s
h i =2.45 ð5Þ

The lower limit for the Sherwood number for spheres in a fluid is 2, which is the
solution for the mass transfer differential equations of pure diffusion control in a
static, infinite medium. Therefore, the gas regime surrounding the droplet in the
confocal crucible must be close to stationary. The transversal cross-section of the
ellipsoidal chamber in the position where the sample is maintained has a diameter

Table 3 Parameters used for Me-Ar binary diffusivity

Element M g ̸mol½ � Vm cm3mol− 1� �
Tb Kð Þ σ½Å� ∈ ̸k K½ �

Ar 40.00 24.24 88 3.54 93
Mn 54.94 9.23 2235 2.44 2696
Fe 55.85 8.00 3023 2.33 3605

Fig. 3 Calculated binary
diffusivity in Mn–Ar mixtures
at different temperatures
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of 4 cm. In that region, the expected Reynolds number for Ar volumetric flowrate
of 250 cm3 ̸min flowrate is 10, with an average velocity of 0.0033 m/s.

For a sphere, the Sherwood number can be calculated from the following
Eq. [13]:

Sh=2+ 0.552Re1 ̸2Sc1 ̸3 ð6Þ

For Sh=2.45 and Sc=0.76, the calculated Reynolds number is 0.8, which
translates to an average velocity of 0.014 m/s. The creeping flow conditions found
corroborates the case in which diffusion through the gas phase is the controlling
factor for evaporation in HT-CSLM droplets.

Implications of Mass Transfer Phenomena in HT-CSLM
Observations

There are several potentially reaction-limiting mechanisms of transport of chemical
species in a HT-CSLM experiment, and they are represented in Fig. 4. Chemical
reactions can be limited by transport through both boundary layers at an interface,
or by transport of species in the bulk phases. Due to the high temperature, presence
of both temperature and solutal gradients and large area-to-volume ratios of the
materials employed in the experiment, transport in liquid can be controlled by
convective and Marangoni flow, as experimentally assessed by Yin and Emi [14].

Fig. 4 Summary of transport mechanisms during a HT-CSLM experiment in the presence of a
crucible containing a metal droplet and slag exposed to a gas atmosphere
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Complex mass transfer effects have been reported in HT-CSLM observations.
Mu et al. [6] discussed the dissolution of MgO inclusions in high-Al steels during
in situ observation. In their study, Mg evaporation from the steel surface was
relatively fast and Mg diffusion in steel (from dissolving MgO inclusions) was the
rate-limiting step for inclusion disappearance. Crucible-steel reaction rates were
insufficient to replenish Mg in steel to stabilize the MgO particles. In the presence
of MgO-saturated slag, in a similar configuration to Fig. 4, MgO particles did not
dissolve back, therefore reduction of Mg from slag by Al was fast enough to keep
the steel saturated in Mg.

In another example of evaporation phenomena during HT-CSLM, Kumar and
Pistorius [15] found MgO whisker growth at the top of the MgO crucible wall after
melting Al-killed steel in contact with MgO-saturated slag. Evaporated Mg and
trace O2 in the gas reacted on the surface of slag droplets, with the slag acting as a
catalyst that promoted directional growth of MgO crystals in the form of whiskers.
As in the experiments of Mu et al., steel-slag reactions replenished Mg in steel
while slag-crucible reactions maintained the slag MgO-saturated.

Story and Webler [16, 17] intentionally used mass transfer phenomena for in situ
study of the effects of chemical composition and microstructure on high tempera-
ture oxidation of advanced high-strength steels (AHSS). This is an instance of
gas-solid mass transfer effects, in which the partial pressure of oxygen was con-
trolled using different gaseous mixtures of Ar-H2-H2O-(O2). Gas flow over the
surface of the samples did not generate a homogeneous oxide layer on the surface
of the alloys, rather preferentially oxidizing the sharp edges of the sample where
mass transfer is expected to be larger. However, a modified setup where the sample
was placed inside a closed reaction tube provided a predictable parallel flow
behavior over the surface of the sample disk, therefore eliminating gas-phase mass
transfer as a rate-limiting step for surface oxidation. In this case, then, oxidation will
be governed by transport of elements in the solid to the oxidation site.

Conclusions

Gas mass transfer can play a significant role during high-temperature confocal
scanning laser microscopy. Evaporation experiments with manganese alloys show
that a simple static-diffusion calculation can be used to estimate the gas mass
transfer coefficient at the sample surface.
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Current State Art of Hot Thermocouple
Technology—Novel Way for the Study
of Mold Flux High-Temperature
Properties

Lei Zhang, Wanlin Wang and Lejun Zhou

Abstract Hot Thermocouple Technology has been developed and approved to be a
novel method to study the high-temperature related properties of molten slag. In this
study, it will first give the development of Hot Thermocouple Technology, and its
typical application to the mold flux. One example of crystallization process of the
mold flux for casting low carbon (LC flux) and medium carbon steels (MC flux)
were investigated by using Double Hot Thermocouple Technology (DHTT). The
results of LC flux showed that, the glass phase firstly formed at the low temperature
side; then, the fine crystals precipitated at the liquid/glass interface and grew toward
glass and later on to liquid phase. However, the crystals directly formed at the low
temperature side when MC flux was under cooling process and grew toward the
high temperature side; which indicated the crystallization ability of MC flux was
stronger than LC flux. Another crystallization sample of CaO-SiO2-B2O3 based
fluoride-free mold flux (F-free flux) was studied by using Single Hot Thermocouple
Technology (SHTT), and the results showed the crystals first precipitated in the
middle of sample and moved toward the thermocouple side, then the precipitated
crystals grew up and new crystals formed in the middle of sample and moved
toward the side, until the crystallization was completed and reached a steady state;
the crystallization mechanism of the F-free flux was 1-dimensional growth.

Keywords Double hot thermocouple technology ⋅ Single hot thermocouple
technology ⋅ Mold flux ⋅ Crystallization

Introduction

Mold flux plays an important role in the process of continuous casting, protecting
the molten steel from oxidation, absorbing inclusions, providing the thermal
insulation, lubricating the strand and controlling heat transfer between the mold and
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steel shell [1–4]. Among them, the heat transfer ability of mold flux directly
determines the surface defects of as-cast slabs. Uneven heat transfer in the mold and
rapid cooling can cause enormous thermal stress on the initial shell, introducing
corner cracks, longitudinal face cracks, depressions, and other surface defects [5, 6].
In order to minimize stresses, the horizontal heat transfer from molten steel through
mold flux film to water-cooled copper mold should be uniformly controlled to
achieve a thin and uniform partially solidified shell. Mold flux crystallization is
known to inhibit radiative heat from the steel and can create air gaps between the
mold and partially solidified shell during the initial solidification of molten steel [7,
8], which increases the interfacial thermal resistance. Since a thick crystalline layer
can resist the in-mold ferrostatic pressure [9]; it is usually achieved by improving
the crystallization ability of mold flux to maintain a thick solid crystalline layer of
slag film. Thus, the research on the crystallization of mold flux is a key parameter in
the process of continuous casting.

A variety of methods have been used to determine crystallization property of
mold flux. Differential Thermal Analysis (DTA) is the most common method for
studying the crystallization of mold flux. In this case, the slag sample together with
a reference substance is melted in a furnace and then cooled, the heat generation or
heat absorption will take place when the sample occurs physiochemical reactions,
then the temperature difference between the sample and the reference material will
occur and be recorded. But, the method is limited to direct observation of the
solidification phenomena and their accuracy as the heat change is easy to be
affected by many environmental factors. Another technique is also frequently
employed to determine the crystallization behavior of mold flux, which the slag
sample is placed inside a metallic mold and heated at the temperature up to melting
point of the mold flux for melting and then quenched [10–12]. After solidification,
the sample can be tested at room temperature by Scanning Electron Microscope
(SEM) and X-ray diffraction (XRD) to analyze the proportion of crystalline and the
type of the crystalline phases. However, the technique also can not observe in situ
the crystallization process of mold flux and does not provide a quantitative mea-
surement to characterize the slag crystallization behavior.

To properly characterize the evolution process of crystallization, the crystal
morphology and crystal growth rates, etc. The technique which combines hot
thermocouple technique with video observation and image analysis was success-
fully developed in 1950s by Ordway [13] and Welch et al. [14]. Based on this, Ishii
and Kashiwaya developed the double hot thermocouple method and applied to a
microgravity experiment to determine the microstructural change of a supercon-
ducting oxide in 1992 [15–17]. And the double hot thermocouple technology first
was applied in the research area of mold flux in 1995 [18, 19], from then it has been
widely used to study the high-temperature properties of mold flux subsequently. In
this paper, the crystallization process of mold flux for casting low carbon (LC flux)
and medium carbon steels (MC flux) were investigated by using Double Hot
Thermocouple Technology (DHTT) and the crystallization mechanism of the
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CaO-SiO2-B2O3 based fluoride-free mold flux (F-free flux) was also studied by
Single Hot Thermocouple Technology (SHTT).

Experimental Apparatus and Method

Sample Preparation

The chemical compositions of the LC flux and MC flux and F-free flux are listed in
Table 1. All samples were prepared from reagent grade chemicals of CaO, SiO2,
Li2O, CaF2, B2O3, and mechanical mixed prior to the placement inside the
induction furnace, then it was heated to the melting point and held for 5 min to
obtain a homogeneous melt. The molten slag was quickly poured onto a
water-cooled copper plate to quench. The quenched samples were crushed and
ground into powder samples for subsequent DHTT and SHTT experiments.

DHTT Experiments

The crystallization experiments of the mold flux for casting LC and MC steels were
conducted by using DHTT, and the DHTT apparatus as shown in Fig. 1. Figure 1a
is the illustration of DHTT, where is two B-type thermocouples (CH-1 and CH-2),
and a desired temperature gradient between the two thermocouples can be achieved
through controlling the temperature of each thermocouple separately. Meanwhile,
the images of mold flux crystallization are observed through a microscope and
recorded by a connected CCD onto a DVD.

For the DHTT experiments, the mold flux sample was first mounted on one of
the two thermocouples; then, it was melted at 1773 K (1500 °C) with a rate of
15 K/s. After eliminating bubbles and homogenizing its chemical composition for
180 s, the mold flux was stretched to 2 mm by the two thermocouples. Then, the
temperature of CH-2 was directly quenched with the maximum rate of 30 K/s to
1073 K (800 °C) to achieve the desired thermal gradient for the crystallization. The
temperature controlling profile for the DHTT experiments is shown in Fig. 2.

Table 1 Chemical compositions of the mold fluxes after pre-melting (in Mass Pct)

CaO/SiO2 (C/S) CaO SiO2 Na2O Li2O CaF2 B2O3

LC flux 0.81 33.79 41.54 9.20 0.49 5.89 –

MC flux 1.32 43.51 32.86 5.11 0.5 3.92 –

F-free flux 1.15 41.80 36.38 7.97 2 – 5.83
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SHTT Experiments

The crystallization mechanism of F-free flux was studied using SHTT, and the
SHTT apparatus also as shown in Fig. 1. Figure 1b shows the schematic illustration
of the SHTT, where is one of the two thermocouples, and the control of the
temperature can be achieved through the corresponding auxiliary heater controller
and its real-time temperature is recorded simultaneously. Also, the images of mold
flux crystallization are observed through a microscope and recorded by a connected
CCD onto a DVD.

For the SHTT experiments, the mold flux sample was first mounted on one
thermocouple; and the sample was heated from room temperature to 1773 K at a
rate of 15 K/s and held for 180 s to homogenize the chemical composition and
minimize bubbles. Then, the molten slag was cooled at a rate of 30 K/s to various
target temperatures to observe the isothermal crystallization for 600 s. The tem-
perature controlling profile for the SHTT experiments is shown in Fig. 3.

Fig. 1 The schematic of DHTT apparatus: a double and b single hot thermocouples

Fig. 2 The temperature
controlling profile for DHTT
experiments
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Results and Discussion

The Evolution Crystallization Process of LC Flux
and MC Flux for DHTT Experiments

Figure 4 shows the snapshots of the evolution crystallization process of LC flux for
DHTT experiment. It can be seen that the mold flux is complete melted and is liquid
when the two thermocouples are at 1773 K (Fig. 4a); then, the temperature of CH-1
thermocouple is kept 1773 K, while the temperature of CH-2 thermocouple is
cooled to 1073 K with the rate of 30 K/s, this moment the mold flux near CH-1 side
still as liquid and the mold flux near CH-2 side transform to glass phase (Fig. 4b);
when the holding time reaches 82 s, some fine crystals precipitate at the liquid/glass
interface, as shown in Fig. 4c; with time goes on, some dendritic crystals form in
the middle of liquid mold flux and grow toward CH-1 side, as shown in Fig. 4d–g;
when the holding time reaches 556 s, the crystallization is finished and the structure
of the whole mold flux step into a relative steady state, where a little mold flux near
CH-1 side is liquid and a little mold flux near CH-2 side is glassy phase and the
others are crystal phase (Fig. 4h). It can be concluded from the whole process that
the incubation time of the LC flux is about 82 s and the complete crystallization
time is about 556 s.

The snapshots of the crystallization evolution process of MC flux for DHTT
experiment are shown in Fig. 5. It can be observed that the whole mold flux as
liquid when the both thermocouples are at 1773 K (Fig. 5a); then, the dendritic
crystals begin to precipitate near the CH-2 side during the cooling process of CH-2
(Fig. 5b); later on, the crystals grow from the low temperature CH-2 side to high
temperature CH-1 side, as shown in Fig. 5c–e; and some crystals precipitate near
the CH-1 side and grow toward the middle (Fig. 5f–g); after the crystallization time
keeps 49 s, the crystallization is completed and reaches a steady state, where a little
liquid mold flux near CH-1 side and the others are crystal phase and no glass phase.

Fig. 3 The temperature
controlling profile for SHTT
experiments
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It can be concluded from the whole process that the incubation time of the MC flux
is about 0 s and the complete crystallization time is about 49 s.

Comparing with LC flux, the thickness of the MC flux crystal layer is thicker
than LC flux, and the growth rate of MC flux crystal is much faster than LC flux. It
indicates that the crystallization ability of MC flux is stronger than LC flux.

The Crystallization Mechanism of F-free Flux for SHTT
Experiments

Figure 6 shows the snapshots of the evolution crystallization process of F-free flux
at 1673 K (1400 °C) for isothermal crystallization using SHTT. It can be observed
that the incubation time of F-free flux is 72 s and the complete crystallization time
is about 156 s. The crystals first precipitate in the middle of sample and move

Fig. 4 The evolution process crystallization of LC flux for DHTT experiment [20]

Fig. 5 The evolution process crystallization of MC flux for DHTT experiment [20]
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toward the side. With the holding time goes on, the precipitated crystals grow up
and meantime new crystals continue to precipitate in the middle and move toward
the side of sample. Thus, the crystal volume fraction is becoming larger, until the
crystallization is completed and reaches a steady state.

In order to study the crystallization mechanism of F-free flux, the
Johnson-Mehl-Avrami (JMA) model [21, 22] need be applied in this work.
According to the JMA model, the volume fraction of crystals (X) is given by

X=1− exp − k t− τð Þ½ �nf g ð1Þ

where t is the crystallization time, τ is the incubation time, k is the constant of
effective crystallization rate (including both nucleation and growth), and n is the
Avrami exponent associated with nucleation and growth mechanism. The volume
fraction of crystallization (X) obtained at a certain temperature was defined as
X = Ac/AT, where Ac is the area of the crystal and AT is the total area of the mold
flux. The values of X have been obtained by the above image analysis and shown in
Fig. 6.

Therefore, the values of n and k can be determined according to the following
equation by rearranging Eq. (1) into Eq. (2).

lnln 1 ̸1−Xð Þ= nlnk + nln t− τð Þ ð2Þ

k and n can be acquired by plotting lnln(1/(1-X)) versus ln(t-τ), where n and k can
be obtained from slope and intercept of the fitted line, respectively. The plots of ln
[ln(1/(1-X))] as a function of ln(t-τ) and where n and k can be obtained are shown in
Fig. 7. According to the corresponding relationship between n and the crystal-
lization mechanism was given out by Christian [23], the value of n is about 1
indicates the crystallization mechanism of F-free flux is 1-dimensional growth.

Fig. 6 The evolution process crystallization of F-free flux for SHTT experiment
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Conclusions

In this paper, the development of Hot Thermocouple Technology has been intro-
duced, and also crystallization process of the mold flux for casting low carbon (LC
flux) and medium carbon steels (MC flux) by using Double Hot Thermocouple
Technology (DHTT) and the crystallization mechanism of fluoride-free mold flux
by using Single Hot Thermocouple Technology (SHTT) have been systematically
studied. The main conclusions are summarized as follows:

(1) In the crystallization process of LC flux, the glass phase first formed when the
CH-2 was quenched to 1073 K (800 °C) with the cooling rate of 30 K/s. Then,
the fine crystal particles precipitated at the liquid/glass interface and grew
toward the glass. The dendritic crystals later formed in the middle of the mold
flux and grew toward the hot side. And the incubation time was about 82 s and
the complete crystallization time was about 556 s.

(2) During the crystallization process of MC flux, the crystals formed directly near
the CH-2 side during the cooling process of the CH-2 thermocouple. Then
crystals began to precipitate near the CH-1 side and grew to the middle. The
incubation time and the complete crystallization time was about 0 s and 49 s,
individually. Comparing with LC flux, the thickness of the MC flux crystal
layer was thicker than LC flux, and the growth rate of MC flux crystals was
much faster than LC flux.

(3) The evolution crystallization process of F-free flux showed the crystals first
precipitated in the middle of sample and moved toward the side, then the
precipitated crystals grew up and new crystals formed and moved toward the
side, until the crystallization was completed and reached a steady state. The
results of crystallization kinetics indicated the crystallization mechanism of
F-free flux was 1-dimensional growth.

Fig. 7 The relation of crystal
volume fraction evolution
with function of time for
F-free flux
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Dislocation-Based Finite Element
Modelling of Hydrogen Embrittlement
in Steel Alloys

Amir Abdelmawla, Tarek M. Hatem and Nasr M. Ghoniem

Abstract Mechanical properties of many metals are greatly influenced by hydro-
gen solutes causing a well-known phenomenon of Hydrogen Embrittlement (HE).
Hydrogen atoms affect the dislocation core, materials cohesion, and/or vacancies
clustering causing the material capacity for plastic deformation to decrease. Such
degradation in performance of metals leads to embrittlement resulting of catas-
trophic failure in structures. In this research, a physically-based constitutive model
is developed to study hydrogen embrittlement in steel alloys. The developed
model is an extension for Ghoniem-Matthews-Amodeo (GMA) dislocation-based
model in order to predict the constitutive relation in the plastic regime for high
strength steel alloys while considering hydrogen Effect on plasticity. The proposed
physically-based dislocation-density model include the effect of hydrogen solute on
dislocation mobility and interaction. The proposed model study the mechanical
behavior of high-strength steel of HT-9 tensile test specimen.
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Introduction

Hydrogen atoms are introduced inside the crystalline structure of materials as a
result of processing and/or exposing of metals in hydrogen-rich environments. This
introduction of hydrogen significantly impacts mechanical properties of metals and
alloys through different embrittlement mechanisms. HE phenomena was firstly
observed by Johnson more than a century ago when he studied the effect of the
immersion in acids on the fracture properties of iron and steel [1]. Since then, many
investigations have been conducting to well identify the HE phenomenon and its
effect on the degradation of mechanical properties of materials. Such investigation
are resulted in many published research articles such as the role of microstructure
on HE [2], mechanisms of HE [3], and the hydrogen effect on mechanical properties
and fracture behavior [4, 5]. Three mechanisms are adopted for explaining the
degradation of materials in the presence of hydrogen atmosphere including,
Stress-Induced Hydride Formation and Cleavage (SIHFC) [6, 7], Hydrogen
Enhanced Localized Plasticity (HELP) and Hydrogen Induced Decohesion
(HID) [5]. SIHFC embrittlement mechanism is observed in materials such as nio-
bium and zirconium which hydrides can be easily formed at stress concentration
zones such as crack tips. Such formation is accompanied by large amounts of
plastic deformation. Thus, the phenomenon is characterized by a competition
between plasticity, which is responsible for ductile fracture processes, and brittle
fracture by stress-induced hydride formation and cleavage. As a consequence,
hydrogen embrittlement by this mechanism is most severe at low strain rates and
intermediate temperatures at which the mobility of hydrogen is sufficiently high
such that hydrides can form and cleave faster than ductile fracture can occur
because of the plastic deformation [6–9]. In systems that do not form hydrides,
other mechanisms can lead the embrittlement process. In HELP mechanism, within
certain range of temperatures and strain rates, the presence of hydrogen in solid
solution decreases the barriers to dislocation motion, and such reduction in inter-
action energies between elastic stress centers impedes the dislocation mobility
[10–14]. Sofronis and Birnbaum [12, 15] by analytical and numerical calculations
showed that the interaction energies between dislocations and obstacles can be
greatly reduced by the hydrogen atmospheres forming at the stress fields of the
defects. These reduced interactions result in enhanced dislocation mobility, as has
been supported by strong experimental evidence [12]. From a continuum mechanics
point of view, enhanced dislocation mobility is associated with a reduced flow
stress in the material [8]. HE through the decohesion mechanism is originally
identified by Troiano [16]. The proposed H-enhanced decohesion mechanism states
that hydrogen atoms are attracted to the crack tip, and this simply lowers the
fracture energy by decreases the force required to separate the crystal along a
crystallographic plane and ultimately the atomic bonding at the crack tip is
weakened by the presence of hydrogen. As a results, the fracture toughness of steels
is degraded and cleavage-like failure is encouraged [15]. However, this can occur
only if the stress intensity for fracture is reduced below the value at which
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dislocation emission occurs, which is the competing deformation mode that leads to
crack blunting and defeats cleavage-like fracture [15]. This research mainly con-
cerns with HELP mechanism and its effect on high strength steels. In this research,
a comprehensive dislocation-based constitutive model for HE effects on material
plasticity is developed. This model accounts for the effect hydrogen dislocations
interactions and how the hydrogen affects the dislocation cores. A set of rate
dependent ordinary differential equations are coupled with each other in order to
develop a comprehensive model for HE in high strength steels. This includes,
dislocation generation and multiplication, dislocation static and dynamic recovery
rates, and the hydrogen effect on dislocation evaluation and mobility. The formu-
lated model is then coupled with the ABAQUS CAE package through VUMAT
user subroutine feature to simulate the plastic behavior of steel alloys at the con-
tinuum scale under the effect of HE. This paper is introduced in three sections such
that the structure of the developed model is explained and presented in the second
section, and the third section, meanwhile, presents the simulations and the asso-
ciated results.

Methodology

Dislocation Generation and Interaction

The rates of mobile, immobile, and boundary dislocation densities that developed
by Hatem and Zikry [17] and Ghoniem et al. [18]. Equations of mobile and
immobile dislocation densities are reformulated to account for the dislocations
interaction coefficients on the generalized model as well as to introduce the effect of
hydrogen solutes on dislocation mobility. The evolution of mobile dislocation
density during plastic deformation is proportional to the generation rate of dislo-
cations minus the annihilation rate of dislocations due to dislocations interactions,
the dynamic recovery, sub-boundary annihilation, and climb recovery. The mobile
dislocations are generated due to dislocation forest sources which means the gen-
eration term is directly related to the immobile dislocations network. If the emitted
dislocations from a source travel with a velocity vg, the mobile dislocation gener-
ation rate is given by

ρgen =φ vg ρ
3 ̸2
im ð1Þ

where φ is a geometric parameter and ρim is the immobile dislocation density.
The dislocation density annihilation rates are related to the rate at which mobile

segments are immobilized by interactions with dislocation densities during plastic
deformation [19, 20]. The annihilation rate of dislocations depends on the inter-
actions between mobile and immobile dislocation densities. The annihilation rates
of mobile-mobile dislocations interaction and mobile-immobile dislocations
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interaction depend on frequency with which mobile dislocations intersect mobile
and immobile dislocations [21, 22] which are respectively given by the following
formulas

ρ+
ann = vg ρ2m ginter ð2Þ

ρ−
ann = vg ρm ρim ginter ð3Þ

It is shown in the previous equations, when a mobile dislocation interacts with
an immobile dislocation to form a junction, this results in a rate of loss of mobile
dislocation density and is the basis for the immobilization rate. It also results in a
rate of loss of immobile dislocation density, in what follows, for a generalized
recovery rate. The dynamic recovery rate ρdyn is also related to the frequency which
immobile dislocations are intersected by mobile dislocations and the activation
enthalpy H as well [17, 21, 22]. The activation enthalpy is related to the ratio of the
immobile dislocation density to the saturation density. This can be recast as

ρdyn = vg ρm
ffiffiffiffiffiffi
ρim

p
exp −

H
κT

1−
ffiffiffiffiffiffiffiffiffi
ρim
ρmax

r� �� �� �
ð4Þ

The dislocation annihilation rate at grain boundaries ρsubann and rates of dislo-
cation climb in bulk materials ρc and climb rate at walls ρcw are formulated by
Ghoniem et al. [18] according to the following Eqs. (5)–(7)

ρbouann =
vgρm
Rsb

ð5Þ

ρc = ρ3 ̸2
m vc ð6Þ

ρcw =
vcwρim

h
ð7Þ

where vc is the dislocation climb velocity, vcw is the dislocation climb velocity at
wall, h is the spacing between dislocations at grain boundary, and Rsb is the radius
of the grain. Dislocation climb velocity and climb velocity at barriers are given by
the following equations

vc =
2π
b

� �
Ωσc
κT

� �
e−

χGΩ
κT

� �
Usoe−

Us
κT

� �
ln b2ρm
	 
− 0.5
� �h i− 1

ð8Þ

vcw =
2π
b

� �
Ωσcw
κT

� �
e−

χGΩ
κT

� �
Usoe−

Us
κT

� �
ln

b
Rsb

� �− 0.5
 !" #− 1

ð9Þ
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where σc and σcw are the stresses that required for climb processes

σc =
Gb

ffiffiffiffiffiffi
ρm

p
π 1− υð Þ ð10Þ

σcw =
Gb

ffiffiffiffiffiffi
ρim

p
π 1− υð Þ ð11Þ

where G is the shear modulus, and b is the Burger vector.
Equations (2)–(11) are combined to obtain a coupled set of non-linear evolution

equations for the mobile and immobile dislocation densities. To delineate dislo-
cation activities such as generation, interaction, immobilization and annihilation,
the evolution equations can be expressed as

ρṁ = ρgen − ρ+
ann − ρ−

ann − ρbouann − ρc ð12Þ

ρi̇m = ρ+
ann + ρ−

ann + ρdyn + ρbouann − ρcw ð13Þ

Then, to calculate the rate of dislocation density at grain boundaries ρḃ and the
nucleation rate of new grains Ṙsb, Ghoniem et al. [18] proposed the following
equations

ρḃ = 1− 2ζð Þ 2vcwρim
h

� �
ð14Þ

h=
1

ρsRsb
ð15Þ

The rate of sub-grain radius is given by

Rṡb = 1− 4Npr2pRsb

h i2
Usoe−

Us
κT

� � GΩ
κT

� �
R− 1
sb

� �
− ρḃRsb ρ

− 1
s

	 
 ð16Þ

The constitutive relation has been added to calculate stress as a function of the
total strain and given by

σ ̇=E ε ̇− γ ̇ð Þ ð17Þ

where ε ̇ is the strain rate and γ ̇ is the plastic share strain rate
Ultimately, Eqs. (12)–(14), (16), and (17) are gathered to shape a comprehensive

physically-based constitutive model. Nevertheless, the effect of hydrogen is
implemented in the dislocation glide velocity that formulate by Ghoniem et al. [18].
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Dislocation Glide Velocity and Effect of Hydrogen Solutes

HE mainly results in drag effect on dislocation mobility and hydrogen induced
stress due to lattice distortion when hydrogen diffuses inside the lattice, and
hydrogen drag effect on dislocation mobility has the most dominant effect. In other
words, hydrogen atmosphere mainly affects the dislocation core and this results in
an additional frictional stress which shield (or weaken) the stress field of disloca-
tions and effectively reduce their interactions with barriers. As a result, the dislo-
cation glide motion is impeded. From the GMA model [18], the effective stress of
the dislocation field is generally equal to the applied stress minus resistance
stresses. The resistance stresses are caused by opposition to dislocation motion and
there are many different processes responsible for their existence. One of these
sources which opposes dislocation motion is due to the frictional resistance to glide
from Cottrell atmosphere of solutes [15]. Therefore, the effective stress of dislo-
cation can be constructed as a function of fractional stress exerted by hydrogen
solute as follow

σe = σa − σint − σh ð18Þ

where σa is the applied stress, σint is the internal stress which arises from dislocation
interaction with barriers, and σh is the hydrostatic stress in lattice due to the
introduction of hydrogen atoms which is determined by the following equation

σh = −
2EVh CT −CLð Þ

3 1− υð Þ ð19Þ

where Vh is the hydrogen partial molar volume which indicates the strained volume
dilation in matrix due to the introduction of hydrogen, E is the Young’s modulus,
CT is the hydrogen concentration in the trapped sites, CL is the hydrogen con-
centration in lattice sites, and υ is the passion’s ratio.

To calculate the hydrogen concentration in the dislocation core, Cottrell
expression for solute atoms around dislocations is used, Eq. (20)

CT

1−CT
=

CL

1−CL
exp −

Eb

κT

� �
ð20Þ

where Eb is the binding energy between solute atoms and dislocations, κ is the
Boltzmann constant, and T is the operating temperature.

The binding energy between hydrogen and defects is reduced by introduction of
hydrogen in dislocation core [4]. The internal stress σint results due to
dislocation-dislocation or dislocation-precipitate interactions which is defined by
Ghoniem as follow
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σint =
Gb
2π λ

ð21Þ

where λ is the spacing between dislocation and another dislocation or dislocation
and precipitate, G is the shear modulus, and b is the magnitude of Burger vector.
The spacing between dislocations through plastic deformation is stated by Ghoniem
as follow

1
λ
=

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
ρm + ρim

p
+

ffiffiffiffiffiffiffiffiffiffiffiffi
2Nprp

p ð22Þ

where Np and rp are precipitate number and radius in the matrix respectively.
Two approaches are adopted to study the effect of HE mechanisms on plastic

behavior of materials, open system and closed system and this research will only
present the open system method. The open system approach is discussed by Hirth
[4] which states that as long as the material exposed to hydrogen rich environment,
the hydrogen will continue to enter into material lattice and diffuse to dislocation
core. After filling dislocation core, the hydrogen then diffuses inside lattice sites of
the material causing lattice distortion and exerts hydrostatic stress. Inside disloca-
tion core, hydrogen increases the drag forces which reduces dislocation motion,
interaction between mobile and immobile dislocations, and finally dislocation
densities. This starts by defining the hydrogen concentration in lattice sites, CL in
ppm and the concentration in trapping sites, CT is calculated from Eq. (20). The
main effect of hydrogen solutes arises when solute atoms are trapped at the dis-
location core which increases the drag effect on dislocation mobility. The glide
velocity is formulated by Hirth [4] as follow

vg =2vd sinh
dsb2σe
κT

� �
e−

Eg
κT

� �
ð23Þ

where νd is the dislocation attempt frequency, ds is the average distance between
solute atoms inside the dislocation core, and Eg is the dislocation glide energy

The total hydrogen concentration, CH , in open system is the summation of
trapped and lattice concentrations

CH =CL +CT ð24Þ

In this model, two limitations are introduced on the maximum and minimum
number of hydrogen atoms inside the dislocation core and this is done based on the
ds parameter.
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Results and Discussion

The developed model is implemented on both 1D and 3D analyses for both charged
and uncharged high-strength steel tensile test specimen. 1D analysis is performed
on an in-house code using 1D bar elements, while the 3D analysis is performed on
Finite Element commercial package. Displacement boundary conditions are applied
to count for the tensile load. Mesh convergence analysis and time step calculation
were performed to insure numerical convergence and stability of the solution. The
current study use the properties of HT-9 Martensitic High-Strength Steel Alloy as
indicated in the Table 1.

Figure 1 presents the constitutive relation of the tested material in the presence
and absence of hydrogen. It can be indicated that hydrogen atoms have a significant
effect on the plastic behavior. A noticeable increase in the yield value of stress.
Furthermore, as shown in Fig. 1, the slope of plastic part of the stress-strain curve
in the charged specimen is lower than the uncharged specimen. The variation of
hydrogen concentration inside the dislocation core with strain is plotted as pre-
sented in Fig. 2 which indicates the number of hydrogen atoms concentration that
are trapped into dislocation core.

Table 1 Mechanical
properties of HT-9 martensitic
steel alloy

Parameter Value

Young’s modulus (GPa) 200
Poisson’s ratio 0.30
Yield strength (MPa) 700
Burger’s vector (m) 2.58E-10

Atomic volume (m) 1.19E-29

Fig. 1 Stress strain curve for
charged and uncharged cases
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Inside the core, hydrogen increases the drag forces lead to a significant reduction
in dislocation motion, interaction between mobile and immobile dislocations, and
finally dislocation densities. During plastic deformation, the glide motion is
inversely related to hydrogen concentration such that the more the hydrogen fill the
dislocation core the lower the dislocation will slip.

Figures 3 and 4 present the mobile and immobile dislocation densities of the
deformed specimen. It can be indicated that mobile and static dislocation densities
are rapidly multiplied after the yield point.

Fig. 2 Variation of hydrogen
concentration inside the
dislocation core

Fig. 3 Mobile dislocation
density in hydrogen-charged
tension specimen (mm− 2)
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Conclusion

A model for hydrogen effect on crystalline materials has been developed and
presented in the current work. The model accounts for dislocations glide and climb
as well as generation, interaction and annihilation. Furthermore, the model couples
between mobile, immobile, and grain-boundaries dislocations as well as sub grain
radius. The proposed physically-based dislocation-density model includes the effect
of hydrogen solute on dislocation mobility and interaction.

The proposed model has been applied to study the mechanical behavior of
high-strength steel of HT-9 tensile test specimen. The results show significant effect
on the plastic behavior of the materials when hydrogen being introduced. An
increase in the yield strength as well as a softer plastic behavior can both be noticed
from the obtained results. Further comparison between the obtained behavior and
experimental results shall be carried in future studies where parameters fitting will
be necessary.
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Comparative Study on Corrosion
Behavior of WE33 in Immersion
and Polarization Influenced by Heat
Treatment

Petra Maier, Maximilian Bechly, Benjamin Hess, Marino Freese
and Norbert Hort

Abstract An extruded WE33 alloy is focus of this study. The influence of heat
treatment on hardness and corrosion behavior is evaluated in immersion and
polarization tests. Due to the application as a biodegradable implant, Ringer
solution of 37 °C was chosen. As-extruded WE33 shows heterogeneous grain size
distribution. Solution heat treatment (T4) causes significant grain growth with high
variation in grain size with reduced hardness. Precipitation hardening (T6) causes
reduced average grain size, mainly based on developing additional small grains.
Hardness of T6 condition exceeds extruded material. The corrosion morphology is
mostly described by the pitting factor. Corrosion behavior by corrosion rate (weight
and cross-sectional area loss) and pitting factor of immersion are compared to
polarization and shows the same trend: T6-condition shows lowest corrosion rate.
On the other hand, T6-condition shows highest pitting corrosion tendency. Pitting
factors evaluated in immersion tests are much higher than seen after polarization
tests.

Keywords Magnesium ⋅ Voltammetry ⋅ Immersion ⋅ Morphology

Introduction

WE43 (Mg-4Y-3RE, where RE is a mixture of rare earth elements but contains
mostly Ce and Nd; additionally, 0.5 Zr are present (all values in wt%)) is a high
strength alloy with an acceptable biological response [1, 2]. A hot-extruded, only
ternary Mg3.34Y3.43Nd alloy with a similar Y and Nd composition to WE43 alloy
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is used in this study. The alloy contains other than the commercial WE43 [3] only Y
and Nd. WE type alloys show a precipitation hardening response and are therefore
conventionally used in the T6 condition. The intermetallic particles observed in
these alloys are fully characterized [4–7]. Intermetallic particles Mg12Nd, Mg24Y5

and Mg14Y4Nd are observed in Mg-Y-Nd and the mechanical properties of the
alloy depend strongly on the volume fraction and spatial distribution of these
intermetallic phases. This work investigates the influence of solution heat treatment
(T4) and precipitation hardening (T6) on the corrosion properties evaluated in
immersion and polarization, its corrosion rate and corrosion morphology.
Biomedical applications require an appropriately homogenous corrosion rate
(CR) to avoid strong hydrogen evolution. Corrosion morphology is described by
the pitting factor resulting from deep corrosion pits, the corroded surface area as
well as the amount and shape of deep pits. Corrosion pits act as notches and can
cause a strong reduction in the cross-sectional area resulting in increased stress
intensity and should be avoided. Previous studies on pure Magnesium [8] have
shown pitting factors of 1.76 in polarization tests, whereas the same material in
immersion tests reaches pitting factors up to 22.3. An extruded WE32 alloy [9, 10]
shows the highest CR in the T4 solution heat treated condition (25.2 mm/year) and
the smallest after T6 precipitation hardening (5.3 mm/year), which on the other
hand causes the highest pitting factor (up to 10.8) by similar deep pits (up to
1000 µm) in aged condition compared to as-extruded material (14.6 mm/year).
Pitting factors of as-extruded and T4 are similar (between 3 and 4). The pitting
factors evaluated in polarization do not exceed values of ∼3 in all three conditions:
as-extruded, T4 and T6.

Material and Experimental

Material and Processing: The ternary Mg3Y3Nd alloy was direct extruded at the
Extrusion Research and Development Center TU Berlin at an overall temperature of
430 °C, a ram speed of 0.56 mm/s and an extrusion ratio of 84:1. The final diameter
of the extrusion bars was 12 mm. A fine-grained microstructure developed as the
result of recrystallization. The chemical composition was analyzed by the spark
emission spectrometer Spectrolab M, Spectro, Germany, using the standard Mg10.
Other than the commercial WE43 the alloy does not contain alloying elements like
Zr. A solution heat treatment (T4) of 525 °C for 8 h has been applied, followed by
quenching in water at a temperature of 55 °C according to the data sheet in [3],
precipitation hardening was done at 250 °C for 8 h.

Experimental: Discs of a diameter of 12 mm for metallographic and hardness
investigations were prepared according to Kree [11]. The grain size was determined
by the line interception method. Vickers hardness was tested with a ZHU2.5 by
Zwick with approximately 10 indents under a load of 1 kg (9.807 N) and the
average value is reported.
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Immersion tests were performed using 3 samples each. Cylinders had a diameter
of 10 mm and a height of 15 mm, exposed to 500 ml Ringer solution at 37 °C for
7 days. Ringer solution, being more aggressive than HBSS or DMEM [8], has been
chosen for corrosion tests. The solution was changed after 4 days to avoid an
increase in pH value. The weight of the specimens was measured before testing and
after removing the corrosion products with chromic acid to determine weight loss.
The mean corrosion rate was calculated by using the following equation, where Δm
is the weight change in g, As the surface area sample in cm2, t the immersion time in
h and ρ the density in g/cm3.

CRm = ð8.76 × 10∧ 4 ×ΔmÞ ̸ðAs × t × ρÞ

The corrosion morphology is described according to ASTM G46-76 (standard
visual chart for rating of pitting corrosion). The corroded samples were cut and
ground down to half the cylinder (longitudinal cross-section) or 3D imaging was
applied to evaluate pit shape and size. The deepest corrosion pit p, see Fig. 1, is
used to calculate the pitting factor (PF), where p is divided by the average pene-
tration d. The penetration d is either evaluated by weight loss (dCR) or from the
corroded area Acorr of the macrographic longitudinal cross-section, which is mea-
sured by light microcopy by taking the initial circumference of the cross-section
(50 mm) into account (dmacrograph). A pitting factor of 1 indicates uniform corro-
sion, high pitting factors indicate a greater susceptibility to pitting corrosion. In
addition, the length of corroded surface of the cross-section lcorr and the 10 deepest
corrosion pits are measured to compare the depth and amount of deep pits among
the material conditions.

Polarization tests were done on samples with a diameter of 12 mm and a height
of 5 mm immediately after grinding with 600, 1200 and 2400-mesh paper, and
cleaning in an ultrasonic bath in ethanol. A three-electrode flow cell (170 ml) using
a counter electrode, an Argenthal reference electrode and the sample as the working
electrode with a measurement area of ∼95 mm2 was used to measure polarization
curves. To cause anodic corrosion, the curve was traced with a scan rate of 50 mV/
min from a potential of −2000 to 500 mV. The electrolyte was circulating by a
pump and had a temperature of 37 °C. An outer ring of initial surface is kept due to
sealing ring and used as a reference, like seen in [8] and Fig. 2. The average

Fig. 1 Sketch with values to evaluate PF (longitudinal cross-section of immersion test samples):
deepest pit p, corroded area Acorr, average penetration depth from CR dCR and average penetration
depth from Acorr dmacrograph
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penetration depth dmacrograph is calculated from the corroded area Acorr and the
diameter of corroded area. Since voltammetry tests cause the sample to corrode by
increasing voltage and the exposed area is much smaller, average penetration depth
cannot be compared for the different corrosion methods, only the values among
each other’s material condition can be compared.

Results and Discussion

Composition: Table 1 shows the real composition. The values for Y and Nd are
slightly above the nominal composition. As there is often a substantial burn-off
(especially of RE [12]) normally more of these elements is added to the melt to
compensate burn-off.

Grain size and hardness: The as-extruded WE33 bar has a fine-grained, homo-
geneous recrystallized microstructure, see cross-sectional macrograph in Fig. 3a,
with slightly increasing transversal grain size towards the center of the sample
(inner ring), see values in Table 2. The extrusion ratio of 84:1 is very high.
Additionally, direct extrusion causes inhomogeneous materials flow at the interface
of billed and die. Therefore, the stored energy will be different at the outside of the
extrusion bar compared to the inside. Influenced by that non-uniform deformation
stress, dynamic and static recrystallization causes an inhomogeneous microstruc-
ture. Table 2 presents a grain size of 13.1 µm for the outer ring and 14.5 µm for the
inner ring, respectively. Longitudinal grain size agrees to transversal grain size. The
hardness is, even in the opposite trend to the grain size, higher in the inner ring:
75.3 HV compared to 73.9 HV. A non-uniform contribution of alloying elements
could be also an explanation. However, both grain size and hardness have relevant
error bars.

During heat treatment the cross-sectional microstructure becomes more inho-
mogeneous: the inner ring grains grow during solution heat treatment (T4) very
significant up to 173.4 µm, where the grains near the extrusion bar surface grow up
to 136.0 µm, see Table 2. The reason for the high grain growth is, among others,

Fig. 2 Sketch with values to
evaluate PF (cross-section of
polarization test samples):
deepest pit p, corroded area
Acorr, diameter corroded area
∅, average penetration depth
from Acorr dmacrograph

Table 1 Real composition
(all values in wt%)

Mg Y Nd Fe Cu Ni

WE33 Bal 3.34 3.43 0.019 0.0037 0.0026
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the missing of alloying elements like Zr, Gd and Dy. The hardness is independent
of the grain size: 65.0 and 66.5 HV, here determined by the solid solution
strengthening—also showing inhomogeneous alloying element contribution: inner
ring presumably slightly higher. Because of the high grain size, the hardness indent
will most likely not cross more than one grain boundary. During precipitation
hardening (T6) the grain size decreases and becomes more homogeneously:
103.6 µm at the outer ring and 115.2 µm at the inner ring. The error bars are still
very high. The reason for the development of the smaller grain size is not part of
this study and not completely understood yet, but new grains seem to start growing
at grain boundaries. However, the reason for the hardness increase up to 97.2 HV,
independent of the grain size for the same reason as mentioned above, is the
formation of precipitates. The hardness, even with such a high grain size, exceeds
the initial hardness of the extruded, fine grained microstructure.

Immersion: Figure 4 shows exemplary the visual appearance of a complete
as-extruded WE33 sample after the immersion test after removing the corrosion

Fig. 3 Macrographs of a as-extruded WE33, b WE33-T4 and c WE33-T6

Table 2 Hardness and grain size of as-extruded WE33, WE33-T4 and WE33-T6

HV1—outer
ring

Grain size [µm]—
outer ring

HV1—inner
ring

Grain size [µm]—
inner ring

as-extruded 73.9 ± 1.9 13.1 ± 6.0 75.3 ± 2.8 14.5 ± 6.4
T4 65.0 ± 3.9 136.0 ± 97.5 66.5 ± 6.7 173.4 ± 131.0
T6 91.6 ± 1.1 103.6 ± 66.5 97.2 ± 3.0 115.2 ± 75.6
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products. A non-uniform corrosion, identified by local corrosion pits, can be seen.
The cross-sectional macrograph of a WE33-T4 sample is seen in Fig. 5, showing
the deepest corrosion pit (983 µm). However, no pits are deeper than wider, so the
stress intensity caused by the notch effect is within limits. Figure 6 shows the top
view (Fig. 6a) and topography image (Fig. 6b) of the corrosion pits developed
WE33-T6 (180 µm deep). A wide and shallow shape acts uncritically to stress
increase.

Table 3 shows the evaluated parameter from the immersion tests. For WE33-T4
the mean corroded area Acorr reaches the highest value of 15.7 mm2. That means
that 10.5% of the longitudinal cross-sectional area (see Fig. 5) is corroded. The
mean corroded areas agree with the mean corrosion rates CR: the lowest value of
CR is found in WE33-T6 with 1.19 mm/year. The larger amount of finer precipi-
tates effectively reduces the individual cathode surface area, which acts positive on
forming a passive layer. WE33-T4, showing the highest corroded area and CR,

Fig. 4 Corroded sample after
immersion of as-extruded
WE33

Fig. 5 Cross-section of
corroded sample after
immersion of WE33-T4

Fig. 6 Top view of corroded
sample after immersion of
WE33-T6: a photo and b 3D
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corrodes almost all over the surface: ∼92% of the initial circumference of the
longitudinal cross-section is corroded. Here all second phases are assumed to be
dissolved in solid solution; alloying element Y has a potential very close to Mg. On
the other hand, only ∼66% of length (assuming surface area) is corroded in
WE33-T6 and since the pits are almost as high as in the other two conditions the
pitting factor reaches the highest value: 4.9 evaluated by the macrograph and 31.9
by the CR, which is too high. The passive layer is not dense and uniform enough to
eliminate local corrosion. The highest corrosion rate in WE33-T4 with an almost all
over the surface corrosion causes the smallest pitting factor of 3.2 taken from the
macrographs and 6.2 from the CR, respectively. Pitting factors evaluated from CR
are higher because the average penetrations dCR is smaller; the corrosion rate takes
the full sample surface into account, the longitudinal cross-section shows only one
snapshot of the surface and has no information on the full 3D extent of the corroded
parts. Up to our current knowledge the corrosion morphology seems to be inde-
pendent of the grain size. Micrographs and their grain size distribution to evaluate
the influence of grain size on corrosion morphology are under investigation.

To give some further information on the extent of pitting corrosion, the 12
deepest pits are measured (Fig. 7a) and sorted by the depth. It can be seen, that the
pits in WE33-T4 start off at the highest values and stay there up to the 12th pit.
With an exception of 2 pits (992 and 872 µm) in as-extruded WE33 no pits deeper
than 700 µm could be found. The small grain size of less than 15 µm is responsible

Table 3 Evaluated parameter from immersion tests

Mean
Acorr

(mm2)

Mean
lcorr
(%)

Mean
dmacrograph

(mm)

Deepest
pit p
(mm)

PFmacrograph Mean
CR
(mm/
year)

Mean
dCR
(mm)

PFCR

as-extruded 10.8 76.6 0.216 0.992 4.1 5.04 0.097 9.9
T4 15.7 91.8 0.310 0.983 3.2 7.78 0.149 6.2
T6 9.9 66.2 0.195 0.963 4.9 1.19 0.023 31.9

Fig. 7 Corrosion morphology of immersion samples of as-extruded WE33, WE33-T4 and
WE33-T6 by a 12 deepest corrosion pits and b highest corrosion pits (determined with dmacrograph)
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for a good relation of grain boundaries to inner grain areas inclusive the homo-
geneous distribution of second phases located depending on its size as grain
boundary or inner grain precipitates. The following pit with the depth of 677 µm
only results in a maximum pitting factor (taking dmacrograph into account) of ∼3,
being less than in WE33-T4. The pits in WE33-T6 are in the middle range, but
since the corroded area/average penetration and CR are the smallest, these pits lead
to the highest pitting factors, see Fig. 7b. Even the larger amount of finer precip-
itates reduces effectively the corrosion rate, but the developed passive layer obvi-
ously still contains non-passivated small areas. Here the rather large grain size and
precipitates mostly at the inner grain areas could be an explanation. The deepest pits
in WE33-T4 get balanced by the highest average penetration, so the pitting factors
move closer together. In relation to each other, pitting factors evaluated from the
CR show the same picture as in Fig. 7b, but with a much bigger difference between
WE33-T6 and the other two conditions extruded and T4.

Polarization: Figure 8 shows the influence of the material condition on the cor-
rosion behavior, evaluated with potentiodynamic polarization (−2000 to 500 mV),
where a representative curve of as-extruded WE33, WE33-T4 and WE33-T6 is
seen. No significant difference in the anodic corrosion behavior can be seen. Even
the curves of the heat treated materials become slightly unstable at 150 mV
(27 mA/cm2), there is no appearance of passivation. WE33-T4 reaches the highest
current density at the potential of 500 mV. Comparing the three material condi-
tions, as-extruded WE33 starts with the lowest current density and stays lowest.

Figure 9 show the macrographs of the corroded areas (cross-section) of the
polarization tests. The initial surface is marked by a white line, connecting the
non-corroded part of the sample, which is an outer ring sealed during the test.
The area between the white line and the borderline metal—embedding resin is the
corresponding corroded area. Since in polarization the anodic corrosion is
increasing by increasing potential, pits may overlap and form a rough surface
instead of deep shaped pits. The deepest corroded areas, here still called pits, are
very wide and shallow forming a rather homogenous surface. The risk of stress
increase when exposed to mechanical loading will be very small.

The highest corroded area and average penetration in WE33-T4 (Table 4) are in
agreement to the highest anodic current density at 500 mV, see Fig. 8. As-extruded

Fig. 8 Current density—
potential curves
(representative) of
as-extruded WE33, WE33-T4
and WE33-T6
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WE33 and WE43-T6 show smaller corroded areas and penetration depths similar to
each other. As-extruded WE33 starts off with the smallest negative current density
at −2000 mV. The deepest corrosion pits are found in WE33-T4, but since the
average penetration is also high the pitting factor has the lowest level. However, no
pitting factor exceeds a value of 2 and by the very wide shaped pits there is no harm
expected when additionally exposed to mechanical load.

Figure 10 shows the 6 deepest pits measured (Fig. 7a) and sorted by the depth.
Like seen in the immersion results (Fig. 7a) the pits in WE33-T4 start off at the
highest values and remain up there. The pits found in as-extruded are at the lowest
level up to sixth deep pit (due to the small grain size, see discussion of results of
immersion tests). WE33-T6 pits are in the middle range and show the lowest
difference between deepest and sixth deepest pit. Due to the overall less deep
corrosion pits in relation to the average penetration depth the resulting pitting
factors are smaller than in immersion (compare Fig. 10b to Fig. 7b). According to
the ongoing anodic corrosion with a steady increase of current density seen in
Fig. 8, no strong pitting is expected. Comparing with a previous study on pure
Magnesium [8], where a mean corroded area of 1.44 mm2 and a maximum pitting
factor of 1.76 on a pit depth of 0.210 mm are found, the WE33 in this study does
behave similar. Like seen in Fig. 7b, the T6 condition of WE33 corrodes also in

Fig. 9 Macrographs presenting the corroded areas of as-extruded WE33 (a), WE33-T4 (b) and
WE33-T6 (c)

Table 4 Evaluated parameter from polarization tests

Mean Acorr

(mm2)
Mean dmacrograph

(mm)
Deepest pit p
(mm)

PFmacrograph

as-extruded 1.55 0.156 0.307 1.88
T4 1.79 0.175 0.327 1.85
T6 1.50 0.155 0.310 1.99
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polarization with the highest pitting factor, once again because of the lowest
“corrosion rate”, here evaluated by mean corroded area/average penetration in
combination with “middle range” corrosion.

Summary

The corrosion behavior of an extruded WE33 alloy in three different conditions was
focus of this study: as-extruded, solution and precipitation heat treated. As-extruded
WE33 shows a rather heterogeneous grain size distribution. Because of missing
further alloying elements in the ternary Mg-Y-Nd system, heat treatment causes a
significant grain growth. Furthermore, a development of an inhomogeneous
microstructure has been found after heat treatment. Mechanical properties were
evaluated by hardness measurements: solution heat treatment reduces hardness. The
hardness in the precipitation hardened condition, even with such a high grain size,
exceeds the initial hardness of the extruded, fine grained microstructure.

The corrosion rate and morphology, evaluated by immersion and polarization,
were used to find out the influence of heat treatment on the corrosion behavior. Due to
the application as a biodegradable implant, Ringer solution of 37 °C was chosen. The
corrosion morphology is mostly described by the pitting factor. In immersion and
polarization, the T6 condition shows lowest corrosion rate. On the other hand, the T6
condition shows the highest pitting corrosion tendency. Even the formation of a larger
amount of finer precipitates during T6 reduces effectively the corrosion rate, the
developed passive layer is obviously still not dense enough and contains
non-passivated small areas. Here the rather large grain size might be responsible for
that, showing that the mixture of rare earth elements (Nd and Ce) plus addition of Zr
are needed to provide an acceptable corrosion behavior without pitting. Pitting factors
evaluated in immersion tests are much higher than seen after polarization tests.

Fig. 10 Corrosion morphology of polarization test samples of as-extruded WE33, WE33-T4 and
WE33-T6 by a 6 deepest corrosion pits and b highest corrosion pits
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Metal Injection Molding (MIM)
of Mg-Alloys

M. Wolff, J. G. Schaper, M. Dahms, T. Ebel, R. Willumeit-Römer
and T. Klassen

Abstract MIM-technique possesses high potential for the SF6 free near net shape
mass production of small sized and complex shaped parts. Furthermore, MIM
involves a high degree of freedom regarding individual alloy- and
MMC-composition using the blended elemental (BE-route). Resent research has
highlighted MIM of Mg-alloys as highly suitable for biomedical applications like
screws, nails and bone-plates, as well as for commercial 3C applications. For
prototyping and low quantities, the feedstock can be used for 3D-filament print, too.
Hence, demonstrator parts and test specimen could be produced very successfully,
ready for industrial upscaling. Increased mechanical properties of MIM dogbone
tensile test specimen could be achieved using Mg-2.6Nd-1.3Gd-0.5Zr-0.3Zn alloy
(EZK400, UTS: 164 MPa, YS: 123 MPa, εf : 3.4%) and AZ81-alloy for commer-
cial applications (UTS: 240 MPa, YS: 118 MPa, εf : 4%). Thus, the mechanical
properties are currently equivalent to those of as cast material and obtaining high
development potential.
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Introduction

Currently, Mg-alloys are becoming more and more attractive for consumer, light-
weight [1–3] and biomedical application [4–11]. The new biodegradable and bio-
compatible Mg-based material shows mechanical properties matching those of
cortical bone tissue [12–15]. However, commonly used casting and forging tech-
niques require the use of sulfur hexafluoride (SF6) as protective gas [16]. SF6 is a
22800 times more active climate gas than CO2 [17]. Hence, the use of SF6 in
cast-shops will be prohibited within the near future. In contrast, the
powder-metallurgical (PM) processing route of metal injection molding
(MIM) enable the economic near net shape mass production of complex shaped
Mg-alloy parts. The MIM processing requires the manufacturing of a feedstock,
consisting of Mg-alloy powder and different polymeric binder components. This
feedstock can also be used for the manufacturing of filament, necessary for fused
filament fabrication (FFF), commonly known as 3D-printing of filament material.
Hence the material can be used for low batches up to high quantities (1piece—
1mio. pc. and beyond).

However, sintering of Mg and its alloys was known as not feasible in literature
because of a stable oxide layer, sticking on the particle surface and inhibiting the
diffusion process, necessary for the sintering [18]. Recent work on sintering of Mg
[19–21] and MIM of Mg [22–24] could overcome this major challenge. This study
is focusing on the improvement of the full process chain of MIM of new Mg-alloys.
In doing so, different test specimen, demonstrator parts and biomedical implant
prototypes as shown in Fig. 1 were produces and tested successfully. Sufficient
mechanical properties up to 240 MPa UTS, 118 MPa TYS and 4% elongation at
fracture could be achieved.

• Right hand side components: feedstock granules made of Mg-alloy powder and
binder components.

Fig. 1 Mg-alloy
demonstrator parts and test
specimens made by MIM of
Mg at Helmholtz-Zentrum
Geesthacht
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• Upper part: implant screw demonstrator parts in the green and sintered condition
(Mg-0.9Ca).

• Middle parts: dogbone tensile test specimen (EZK400) according to ISO
2740-B.

• Lower part: bookmark demonstrator parts (AZ81).

Materials and Methods

Powder, Feedstock and Green Part Production

For the green part preparation, commercial spherical gas atomized
Mg-2.6Nd-1.3Gd-0.5Zr-0.3Zn alloy powder, in the following referred to as
EZK400 (product name: MAP+21, Magnesium Elektron, UK) and Mg-8Al-1Zn
alloy powder (AZ81, SFM, Martigny, Switzerland) were used for the specimen
production. The feedstock was prepared using a binder system consisting of
poly-propylene, stearic acid and paraffin wax. The components were blended at
approx. 160 °C in a planetary mixer (Thinky ARE-250 planetary mixer, Japan)
applying approx. 500G acceleration. To avoid any additional uptake of oxygen,
powder handling took place under protective argon atmosphere in a glovebox
system (Unilab, MBraun, Germany). Feedstock granules were produced using a
cutting mill (Wanner B08.10F, Germany). The green part production of dogbone
shape tensile test specimen (ISO 2740-B) and demonstrator parts as shown in Fig. 1
took place using an injection molding machine (Arburg Allrounder 320S) at up to
1500 bar injection pressure, 65 °C mold temperature and 135 °C feedstock tem-
perature. Regarding the state of the art of sintering of magnesium, getter material
inside of the labyrinth like crucible configuration has been used [19]. For this
purpose, pure irregular coarse magnesium powder grit (Sigma Aldrich, USA) was
applied.

Debinding and Sintering

Solvent debinding of stearic acid and organic wax components was done using
hexane at 45 °C for 10–15 h (Lömi EBA50/2006, Germany). Thermal debinding of
the backbone polymer and consolidation through sintering took place in a combined
debinding and sintering hot wall furnace (MUT, Jena, Germany). Thermal
debinding was performed in reactive Ar + 5% H2 gas, using a flow of 1 L/min at
10–60 mbar. Corresponding to former studies about sintering Mg–Ca alloys
[19–21], the sintering time was set to 64, 32, 16, 8, 3 and 1 h.
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Evaluation of Optimal Sintering Time and Temperature

For evaluation of optimal sintering time and temperature of the new sinter material,
DSC measurements served as a initial analysis (DSC2, Mettler Toledo, Switzer-
land). Because of the fact that the used MIM-binder-system and the injection
molding process steps can influence the sintering performance of the new material,
first sintering experiments were performed using the press and sinter (P+S) route to
avoid any influences of binder components, debinding solvents and debinding
gases. In doing so, the EZK400 powder was pressed to cylindrical compressive
strength test specimen (diameter: 8.2 mm; length: 12.5 mm; according to DIN
50106) and micro-tensile test specimen green parts (according to DIN EN
6892-1:2009) using a manual mode press (Enerpac RC 55, USA, applied surface
pressure: 100 MPa). To avoid any additional oxygen pick-up, the total powder and
specimen handling took place in the glove box system under protective argon
atmosphere.

Materials Characterization

The Archimedes method (Sartorius LA230S, Germany) was applied to measure the
residual porosity of the sintered parts. Geometrical data calculation (Mahr 16EX,
calliper, Germany) were performed to measure shrinkage and density, too. The
microstructure was investigated, using SEM (Zeiss DSM 962, Germany) and EDS
mapping. Compressive and tensile tests of sintered P+S as well as MIM specimens
were performed using a Schenck Trebel RM100 materials testing machine.

Results and Discussion

Sintering Temperature and Time

The DSC-analysis of the commercial Mg-alloy powder EZK400 presented a liq-
uidus temperature of approx. 635 °C (mean value of: 631–640 °C) as shown in the
diagram in Fig. 2.

This first DSC result was used for the approximated setting of the initial sintering
temperature. As a result, a sintering temperature of 635 °C was chosen as a good
compromise in view of the following two aspects: The higher the sintering tem-
perature, the exponentially higher is the diffusion activity between the particles.
Hence, sintering time can be reduced drastically using marginal higher sintering
temperature. On the other hand, the higher the sintering temperature, the higher is
the amount of transient or permanent liquid phase in the compound. Hence, the part
can lose its shape or liquid phase can pour out of the part. As mentioned above, first
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sintering experiments on cylindrical compressive test specimen as shown in Fig. 3
and micro-tensile test specimen were performed using binder free P+S technique.

The following diagram in Fig. 4 shows the micro-tensile test results of the first
three sets of the P+S specimen sintered at 635 °C at different sintering times. The
new EZK400 material is sintering with permanent liquid phase. Hence, the sintering
time could be reduced significantly in comparison to former experiments using 64 h
of sintering time.

The first set of columns in the diagram displays that 1 h of sintering time is
insufficient for the nearly dense consolidation of the part. Only 1.1 ± 0.2% of
elongation at fracture and 124 ± 6 MPa UTS were achieved. In contrast, using
16 h of sintering time, 188 ± 5 MPa UTS and 5.8% elongation at fracture could be

Fig. 2 DSC-analysis of EZK400 alloy powder using a heating rate of 5 K/min

Fig. 3 Cylindrical compressive test specimen made of EZK400 in the green condition (left) and
the as sintered condition (right) showing significant shrinkage
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reached. Moreover, significant improvement of mechanical properties could be
achieved even by use of an economic short sintering time of 3 h. The third set of
columns displays sufficient material properties showing 4.4 ± 0.8% of elongation at
fracture, and above 166 ± 4 MPa UTS. The following images in Figs. 5 and 6 shall
give an overview about the microstructure of the material in the as sintered con-
dition for the shortest chosen sintering time of 1 h as shown in Fig. 5 and the
longest chosen sintering time of 64 h as shown in Fig. 6. The microstructure of the

Fig. 5 SEM micrograph of the EZK400 alloy, sintered for 1 h

Fig. 4 Mechanical properties of micro-tensile test specimen produces by P+S, using a fixed
sintering temperature of 635 °C and varying sintering time
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EZK400 material, sintered for 1 h, as show in Fig. 5 is in accordance to the
mechanical properties, shown in the first set of columns of Fig. 4. It can be seen that
the material is not fully consolidated, presenting a residual porosity of around 7%.

In contrast, the following Fig. 6 reveals the microstructure of the material,
sintered for 64 h, which presents only 0.7 ± 0.1% of residual porosity.

Because of the fact that sintering time can influence the densification of the
compound maximum in a linear behavior, a second set of sintering operations was
done for further optimization of the sintering regime. In doing so, a fixed sintering
time of 3 h and variation of the sintering temperature between 635 and 643 °C as
shown in Fig. 7 were chosen. As a result, the mechanical properties of the material
could be improved significantly using the economic sintering time of 3 h at 643 °C
as shown in the third set of columns in Fig. 7. Hence, maximum UTS of
188 ± 4 MPa at 5 ± 1% of elongation at fracture and 122 ± 6 MPa yield strength
were achieved.

Moreover, the sintering performance of the new EZK400 material was as good,
that sintering could be performed without getter material inside of the crucible setup
resulting in no significant loss of mechanical strength, as shown in the fourth set of
columns in Fig. 7. This is in contrast to the state of the art for sintering of mag-
nesium, where getter material inside the labyrinth-like crucible configuration has to
be used [19]. The fast sintering performance of the EZK400 material might be
explained on the ground of attendance of permanent rare earth rich liquid phase
during sintering. The orange rectangle in Figs. 6 and 8A displays the area of an
EDX-mapping analysis, performed on the EZK400 material, sintered for 64 h.

Fig. 6 SEM micrograph of the EZK400 alloy, sintered for 64 h
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As shown in the SEM images and EDX mapping analyses in Fig. 8a–f, the
former particle boundaries (yellow arrows) mainly consists of Gd-, Nd- and Zr-rich
phases, combined with an increased level of oxygen (O). The needle shape bright
crystal structure inside of the roundish particle structure (red arrows in Fig. 8a) can
be allocated to Mg5Gd and MgNd5 intermetallic, as well as to mixed
Mg-RE-oxides. In contrast, the bright secondary phases on the particle boundaries/
grain boundaries display additional zirconium (Zr) (Fig. 8a, e) and increased

Fig. 8 SEM image and EDX mapping of the EZK400 material, sintered for 64 h

Fig. 7 Mechanical properties of micro-tensile test specimen produces by P+S, using a fixed
sintering time of 3 h and variation sintering temperature
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intensity of oxygen. The single bright oxygen dot inside of the roundish particle in
Fig. 8d, f and a (blue arrow) can be identified as a CaO rich artefact onto the
specimen’s surface. However, for clear identification of these different phases in the
as sintered EZK400 microstructure, nano-diffraction analysis, using synchrotron
radiation might be a sufficient tool for further investigations.

How does the fast sintering of the EZK400 material occur? It can be assumed on
the one hand that, if the powder particle surface is coated by magnesium oxide in
the as received condition, the rare earth rich permanent liquid phases might be able
to reduce this MgO-layer material in accordance to the relationship of Gibbs free
energy of oxide formation. On the other hand, if rare earth rich oxides coat the
particle surfaces of the used powder, Mg might be able to reduce these oxides, too.
To answer this question in more detail, an adequate surface analysis of the particle
surface, e.g. XPS, IR-spectroscopy or µ-XRF, in combination with DSC and
XRD-analyses have to be done in future work. Regarding the sintering performance
of Mg–Ca alloys, literature reveals that during magnesium oxide layer reduction as
shown in the following Eq. 1:

MgO+Ca←→Mg+CaO ð1Þ

The shown redox reaction takes place, in dependency of element concentration,
in both directions [25].

Sintering of MIM EZK400 Parts

In a further step, the sintering results of the prior chapter were adapted to the
sintering of parts, produced by metal injection molding (MIM) as shown exemplary
in Fig. 1 and the following Fig. 9. As shown in these images, the demonstrator
parts and dogbone shape tensile test specimens exhibit significant shrinkage and a
perfect smooth, silver shade surface. The tensile test results of the dogbone shape
specimen, as shown in Fig. 1, reveal UTS of 161 MPa, yield strength of 123 MPa
and elongation at fracture of 3.4%. The following diagram in Fig. 10 compares the

Fig. 9 Suture anchor implant
screw demonstrator part made
by MIM of EZK400 material.
Design: ConMed, USA
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mechanical test results of EZK400 material of the P+S route to the MIM processed
material.

The diagram points out that MIM processed material could achieve 87% of the
UTS of the P+S processed material and 69% of the elongation at fracture of the
P+S processed material. However, the yield strength of the MIM processed
material is the same of the P+S processed material. The decrease in strength and
ductility using the MIM-route in comparison to the P+S route can be explained by
formation of additional needle shape crystals, forming a ring shape structure in the
near grain boundary region of each grain/ancient powder particle in the
microstructure, as shown in the following Fig. 11.

A feasible explanation of this phenomenon might be the formation of carbide
phases during thermal debinding of the green part by chemical reaction of reactive,
carbon rich debinding gases with rare earth alloying elements. Hence, this needle
shape phase might consist of ZrC, or even Nd- and Gd-containing composite
carbides. To avoid this weakening phenomenon of the material, different techniques
can be used:

• The thermal debinding step has to be optimized. If it is possible to fulfill the
binder decomposition in a certain temperature range in which carbide formation
does not take place, the formation of this phase can be avoided.

• Thermal debinding in hydrogen atmosphere.
• Performing T4 solid solution and T6 ageing heat treatment to induce a homo-

geneous distribution of the new carbide phase in the microstructure.

If the second technique will be of success, even better mechanical properties in
comparison to the P+S material could be achieved through precipitation hardening
effects.

Fig. 10 Comparison of tensile test results of the EZK400 material using the P+S route in
comparison to MIM
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Sintering of MIM AZ81 Parts

Next to the EZK400 alloy powder, the commercial Mg-alloy powder AZ81 was
tested, too. Dogbone shape tensile test specimens revealed UTS of 240 ± 6 MPa,
yield strength of 118 ± 2 MPa and elongation at fracture of 5.1 ± 0.6%. The fol-
lowing Fig. 12 displays an SEM image of the microstructure of the as-sintered
AZ81 material.

In comparison to the EZK400 material, the AZ81 material contained signifi-
cantly less secondary phases being homogeneously distributed along the grain
boundaries. Original powder particles, connected through liquid phase sintering, are
still visible. The AZ81 could be sintered very successful achieving a residual
porosity of 4.4% (see black dots).

Conclusions and Outlook

This study points out that Mg alloys like Mg-2.6Nd-1.3Gd-0.5Z-0.3Zn (EZK400)
and AZ81 can be sufficiently sintered under SF6-free and economic conditions.
Before, this was known only for stainless steel, titanium alloys or hard metals. The
optimal sintering regime for the novel EZK400 Mg-alloy powder could be found to
be 643 °C for 3 h. Applying this parameter set and using pressed and sintered

Fig. 11 Microstructure of MIM processed EZK400 showing secondary phases onto grain
boundaries (blue arrows) and needle shape phases inside of the roundish grains (red arrow), as well
as new near grain boundary needle shape phases (yellow arrows)
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(P+S) tensile test specimens, sound UTS of 188 MPa and 5% elongation at fracture
could be achieved. Using MIM parts an UTS of 164 MPa and 3.4% elongation at
fracture were determined. The discrepancy in UTS and elongation at fracture can be
explained due to formation of additional secondary phases in the near grain
boundary region. These phases are assumed to be carbides, formed during thermal
debinding of the brown part. Further work shall identify these phases using ade-
quate surface analysis technique of the particle surface, e.g. XPS, IR-spectroscopy
and µ-XRF, in combination with DSC and XRD-analysis, as well as synchrotron
based high-energy X-ray nano-diffraction. Moreover, this study discusses tech-
niques to avoid these additional phases.

Furthermore, other Mg-alloy powders such as commercial AZ81 could be suc-
cessfully processed by MIM, too, and an UTS of 240 MPa could be achieved.
Generally, MIM processing of Mg-alloy powders implements economic and SF6-
free near net shape mass production of small sized complex Mg-alloy parts.
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Microstructure and Mechanical Properties
of Mg-Gd Alloys as Biodegradable
Implant Materials

Yiyi Lu, Yuanding Huang, Frank Feyerabend,
Regine Willumeit-Römer, Karl Urich Kainer and Norbert Hort

Abstract Mg alloys attract more and more attentions for biomedical applications.
Mg-Gd alloys were designed as biodegradable implant materials which combine
favorable mechanical and corrosion properties. In this work, the microstructure and
mechanical properties of binary Mg-2Gd, ternary Mg-2Gd-(Ag, Ca) and quaternary
Mg-2Gd-2Ag-0.4Ca alloys were investigated. The alloys were prepared by per-
manent mould casting. The results show that the additions of Ag and Ca had
significant influences on the microstructure and mechanical properties of Mg-2Gd
alloy. Ag and Ca additions affect the formation of second phases. A quaternary
Mg-Gd-Ag-Ca second phase was found in the quaternary alloy. Both the hardness
and tensile yield strength were improved by adding Ag and Ca to 2 wt%
Gd-containing alloys due to grain refinement and formation of different inter-
metallic phases (IMPs). Furthermore, the addition of Ag and Ca can apparently
enhance the age hardening of Mg-2Gd alloy.

Keywords Mg-2Gd-Ag-Ca alloys ⋅ Ageing treatment (T6) ⋅ Microstructure
Mechanical properties

Introduction

Mg alloys as new biodegradable materials are attracting more and more attentions
in the biological implant applications. Mg alloys are ideal for bone plate [1–3] due
to their comparable density (about 1.75–1.85 g/cm3) and Young’s modulus (44
GPa) to that of human bone. Mg alloys have many advantages such as good
mechanical compatibility, load-bearing ability, good degradability and excellent
biocompatibility. However, they still exhibit some disadvantages such as a fast
non-uniform degradation [1, 4] and a large amount of bubbles generated during
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in vivo degradation. Moreover, the effects of alloying elements and intermetallic
phases on degradation in biological environments present still many challenges.
Therefore, it is necessary to further develop new biodegradable Mg alloys com-
bining proper mechanical properties, controllable homogeneous degradation prop-
erties and good biocompatibility.

Mg-RE (rare earth) alloys show a good combination of increased mechanical
properties and bio-corrosion resistance [5-10]. In biological medical application, RE
elements were used in anticancer drugs due to their anti-carcinogenic properties [11,
12]. Gd has an acceptable biocompatibility and a high solid solubility in Mg. It was
reported that Mg-Ag alloys showed improved ductility, a good biocompatibility and
satisfactory antibacterial properties [13]. Ca as an essential element in human body is
excellently biocompatible. Meanwhile, its small density (1.55 g/cm3) makes the
density ofMg alloys closer to that of human bone.Moreover, it plays an important role
in physiological processes such as nerve, muscle stress, nerve impulse transmission,
maintenance of the heart rhythm, blood coagulation, and cell adhesion, etc. Coexis-
tence of Mg and Ca contributes to bone healing and preventing from stress shielding
[14]. In addition, the addition of Ca can refine the microstructure of as-cast Mg alloys
and improve their strength.

Alloying elements of RE, Ag and Ca can substitute the occupancies of Mg atoms
to form solid solution. The additions of these alloying elements (RE, Ag, and Ca)
provide both solution and precipitation strengthening depending on their contents.
A maximum solubility is 23.49 wt% for Gd, 15.02 wt% for Ag and 1.34 wt% for Ca
in Mg at the eutectic temperature [15]. It is not economical to use RE elements with
their high contents owing to their high cost. Hence, the content of total alloying
elements was limited (<5 wt%) to offset the cost without compromising the
properties. In this work, the effects of Ag and Ca additions to Mg-2Gd alloy on
microstructure, mechanical properties and ageing hardening effect were studied.

Experimental Procedure

Permanent mould casting [16] was used to prepare all the investigated alloys.
High-purity Mg (MEL, UK, 99.95 wt%) was molten in a mild steel crucible (Fig. 1)
under a protective atmosphere (Ar + 0.3% SF6). During melting, pure Gd (Grirem,
China, 99.5 wt%) for binary Mg-2Gd and quaternary Mg-2Gd-2Ag-0.4Ca alloys,
Mg-33.3Gd (wt%) master alloy for both ternary Mg-2Gd-2Ag and Mg-2Gd-0.8Ca
alloys were used, respectively. Gd-containing mixtures together with pure silver Ag
(99.99%, ESG Edelmetall-Handel GmbH & Co. KG, Germany) or/and pure Ca
(Alfa Asear, Germany, 99.51 wt%) were added at a melt temperature of 720 °C.
The melt was stirred at 200 rpm for 30 min. After that, the melt was poured into a
mild steel mould (Fig. 2) preheated to 550 °C. A filter (Foseco SIVEX FC, Foseco
GmbH, Borken, Germany) was used mainly to slow down the melt and to obtain
lamella filling from the bottom of the mould. The filled mould was held at room
temperature and afterwards the ingot was extracted from the mould after air cooling.
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The ingot was cuboid block with a size of 30 cm × 21 cm × 3 cm. All samples
were not taken from the middle of plate ingot but from near-surface area. For each
type of measurement, specimens were cut from the same position in ingots of
different alloys. The contents of Gd, Ag and Ca were determined by X-ray
fluorescence spectrometer (Bruker AXS S4 Explorer, Bruker AXS GmbH., Ger-
many). The contents of Fe, Cu and Ni were determined by spark emission spec-
trometer (Spectrolab M, Spektro, Germany).

The grain size was measured using the line intercept methods with AnalySIS Pro
software (Olympus Soft Imaging Solutions, Münster, Germany). The microstruc-
ture was investigated using VEGA3 TESCAN scanning electron microscope
(SEM) equipped with energy-dispersive X-ray spectroscopy (EDS) at an acceler-
ative voltage of 15 kV. The metallographic specimens for SEM were prepared by

Fig. 1 Schematic sketch of the used melting furnace

Fig. 2 Schematic sketch of one half part of mild steel mould [16]
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grinding with SiC waterproof abrasive paper, polishing with a lubricant containing
1 μm diamond particles and 0.05 µm colloidal silica (OPS). The polished surface
was finally cleaned using ethanol and dried under blowing hot air. The samples
were finally covered with a conductive carbon adhesive (N650 Planocarbon). EDS
was used to determine the local compositions by point and mapping analysis.

In order to investigate the influence of Ag and Ca additions on the mechanical
properties, the hardness and tensile yield strength were investigated. Specimens for
hardness tests were prepared by mounting and grinding with silicon carbide emery
paper up to 2500 grit. The Vickers hardness measurements (HV5) were carried out
using a standard microhardness tester (EMCOTEST M1C010 universal hardness
tester) with a load of 5 kg and a dwell time of 10 s. An average of 10 measurements
was made for each alloy. Strength and ductility of the tested alloys were measured
by tension tests at room temperature. Universal testing machine Zwick Z050
(Zwick GmbH & Co., KG, Ulm, Germany) was used to conduct the quasi-static
tensile tests. A strain rate of 0.001 s−1 was adopted for the tests. The tensile
specimens have a diameter of 6 mm, a gauge length of 30 mm and threaded heads
of 10 mm according to DIN 50125. The extensometers were used to measure the
change of strain. 5 samples for each alloy for tension tests were conducted to avoid
incidental errors or errors due to samples difference.

The ageing hardening of Mg-2Gd, Mg-2Gd-2Ag, and Mg-2Gd-0.8Ca alloys was
investigated. The influences of 2 wt% Ag and 0.8 wt% Ca additions on the ageing
hardening of Mg-2Gd alloy were also studied. Firstly, a solution treatment (T4) was
performed at 510 °C for 48 h in a small resistance furnace (Vulcan™ A-550,
DENTSPLY CERAMCO, USA), followed by water quenching. Afterwards, an
ageing treatment (T6) was carried out at 200 °C for a period of time from 1 to
960 h, followed by air cooling.

Results and Discussion

Effects of Ag and Ca Additions on Microstructure

The real chemical compositions of all the investigated alloys are listed in Table 1.
The accurate contents of Gd, Ag and Ca in alloys are little more or less than the

Table 1 Real chemical compositions (wt%) of the investigated alloys

Alloys Gd Ag Ca Cu Fe Ni Mg

Mg-2Gd 1.80 – – 0.0021 0.0054 <0.0100 Balance
Mg-2Gd-2Ag 2.12 2.47 – 0.0022 0.0020 <0.0027 Balance
Mg-2Gd-0.8Ca 2.21 – 0.75 0.0021 0.0018 <0.0027 Balance

Mg-2Gd-2Ag-0.4Ca 2.09 2.01 0.29 0.0020 0.0020 0.0081 Balance
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normal chemical compositions, due to their burn off during casting. The amounts of
impurities such as Cu, Fe, and Ni are quite small in ppm.

The average grain size of the as-cast binary Mg-2Gd, ternary Mg-2Gd-2Ag,
Mg-2Gd-0.8Ca and quaternary Mg-2Gd-2Ag-0.4Ca alloys is shown in Fig. 3. The
addition of 2 wt% Ag to Mg-2Gd alloy leads to not only an obvious reduction of
grain size but also the improved homogeneous distribution of grains for
Mg-2Gd-2Ag alloy. However, for Mg-2Gd-0.8Ca alloy, there is only little change
of grain size by adding 0.8 wt% Ca to Mg-2Gd alloy. Moreover, the addition of
small amount Ca to Mg-2Gd-2Ag ternary alloy results in a grain growth and
inhomogeneous grain distribution.

Figure 4 shows SEM microstructures of the Mg-2Gd, Mg-2Gd-2Ag,
Mg-2Gd-0.8Ca and Mg-2Gd-2Ag-0.4Ca alloys in the as-cast condition, respec-
tively. Mg-2Gd alloy shows homogenous microstructure without dendrites. In
contrast, after the respective additions of 2 wt% Ag and 0.8 wt% Ca to Mg-2Gd
alloy, the microstructures are changed significantly and the morphologies of den-
drites become very obvious. It reveals that the as-cast ternary Mg-2Gd-2Ag,
Mg-2Gd-0.8Ca and quaternary Mg-2Gd-2Ag-0.4Ca alloys are mainly composed of
continuous equiaxed dendrites with the segregation of solute atoms. The segrega-
tion mainly locates at dendritic boundaries.

The additions of Ag and Ca to Mg-2Gd alloy as well as the Ca addition to
Mg-2Gd-2Ag alloy lead to very different formations of the IMPs. The size of IMPs
becomes larger and their shape is changed significantly. The second phases in the
ternary and quaternary alloys form a network-like structure. The volume fractions
of both IMPs and segregation increase drastically, as compared with Mg-2Gd alloy.
The IMP particles were analyzed by EDS point analysis, as shown in Fig. 5.

The microstructure of Mg-2Gd alloy shows the formation of few small bright
particles. The IMP in Mg-2Gd alloy contains high contant of Gd,. which should be
Mg5Gd IMP. According to the EDS results, except Mg, the main IMP contains high
Gd and Ag for Mg-2Gd-2Ag alloy, mainly high Ca for Mg-2Gd-0.8Ca alloy, and

Fig. 3 Average grain size of
Mg-2Gd-Ag-Ca alloys
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mainly high all these three alloying elements (Gd, Ag, Ca) for quaternary
Mg-2Gd-2Ag-0.4Ca alloy. The second phases in these corresponding alloys are
likely the MgGdAg ternary phase, Mg2Ca binary phase and MgGdAgCa quaternary
phase. It was reported that Mg-Gd and Mg-Ca alloys tend to contain Mg5Gd and
Mg2Ca phase at an equilibrium state [17, 18]. A comparison of the main formed
IMPs in these alloys is listed in Table 2.

Effects of Ag and Ca Additions on Mechanical Properties

The effects of Ag and Ca additions on hardness, tensile yield strength and ageing
hardening were studied. Figure 6 shows Vickers hardness of the investigated
as-cast alloys. The hardness is improved after adding 2 wt% Ag and 0.8 wt% Ca to
Mg-2Gd alloy, respectively. The improvement of both ternary alloys is similar. The
improved hardness is due to both grain refinement and more IMPs. With the
addition of 0.4 wt% Ca to Mg-2Gd-2Ag alloy, the hardness is further improved.

Fig. 4 SEM microstructures of as-cast Mg-2Gd (a), Mg-2Gd-2Ag (b), Mg-2Gd-0.8Ca (c) and
Mg-2Gd-2Ag-0.4Ca (d) alloys
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Fig. 5 EDS point analysis of the IMPs of as-cast Mg-2Gd (a), Mg-2Gd-2Ag (b), Mg-2Gd-0.8Ca
(c) and Mg-2Gd-2Ag-0.4Ca (d) alloys

Table 2 Phase formation in
the investigated alloys

Alloys Main IMPs

Mg-2Gd Mg5Gd
Mg-2Gd-2Ag Ternary MgGdAg phase
Mg-2Gd-0.8Ca Mg2Ca
Mg-2Gd-2Ag-0.4Ca Quaternary MgGdAgCa phase

Fig. 6 Vickers hardness of
Mg-2Gd-Ag-Ca alloys in the
as-cast condition
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This is owing to the formation of more IMPs, even if the grain is coarsened in this
quaternary alloy.

The tensile yield strength for these as-cast alloys is present in Fig. 7. The
addition of 2 wt% Ag to Mg-2Gd alloy leads to a significant improvement of yield
strength, due to the combined effects of grain refinement and second phase
strengthening. However, the yield strength keeps no change by adding 0.8 wt% Ca
to Mg-2Gd alloy, owing to the weak effects of both grain refinement and
strengthening with brittle Mg2Ca IMPs. The addition of 0.4 wt% Ca to
Mg-2Gd-2Ag alloy shows no further enhancement of yield strength. This is mainly
due to significant grain growth, which offsets the strengthening caused by the more
formed second phases.

The age hardening response was measured for Mg-2Gd-(Ag, Ca) alloys at
200 °C. The relationship between hardness and aging time for Mg-2Gd-(Ag, Ca)
alloys is shown in Fig. 8. Annealing at 200 °C, the hardness change is not apparent
for Mg-2Gd alloy, while both Mg-2Gd-2Ag and Mg-2Gd-0.8Ca alloys show an
obvious hardness change. Their hardness increases quickly in the initial period. It
then increases gradually. A small plateau following the maximum hardness was
observed. Further aging leads to a slow decrease in the hardness. Mg-2Gd-2Ag and
Mg-2Gd-0.8 Ca alloys reach the peak hardness after 240 h and 480 h, respectively.
The maximum hardness of both ternary alloys is about 60 HV. With addition of 2
wt% Ag or 0.8 wt% Ca to Mg-2Gd alloy, the age hardening is therefore apparent.
The additions of both Ag and Ca are beneficial for enhancing the age hardening of
Mg-2Gd alloy. According to the binary phase diagram of Mg-Gd alloys, the sol-
ubility of Gd is approximately 3 wt% at 200 °C [15]. This is why the binary
Mg-2Gd alloy hardly has age hardening.

Fig. 7 Tensile yield strength
of Mg-2Gd-Ag-Ca alloys in
the as-cast condition
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Conclusions

Effects of Ag and Ca additions on both the microstructure and mechanical prop-
erties of Mg-2Gd alloy were observed obviously.

The additions of Ag and Ca to Mg-2Gd alloy leads to a microstructural evolution
including grain refinement and different IMP formations. Both hardness and tensile
yield strength were improved by adding Ag and Ca to 2 wt% Gd-containing alloys
due to grain refinement and formation of different second phases. Furthermore, the
addition of Ag and Ca can apparently enhance the age hardening of Mg-2Gd alloy.
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Study on Polylactide-Coconut Fibre
for Biomedical Applications

O. P. Gbenebor, R. A. Atoba, E. I. Akpan, A. K. Aworinde,
S. O. Adeosun and S. A. Olaleye

Abstract Polylactide (PLA) reinforced with 5 wt% coconut shell particles
(CSp) were electrospun using 0.09–0.14 g/ml composite solutions in Dichlor-
omethane (DCM) while keeping the spinneret angle to the collector at 30, 45 and
90°. The fibres produced were subjected to mechanical, microstructural and fluid
absorption (in distilled water and phosphate buffer solution (PBS), at 31 and 70 °C)
examinations. The results indicated that the fibres demonstrated improved
mechanical properties due to the presence of intercalated structures and good
alignment of reinforcement particles with the matrix fibre. A Young Modulus of
126.96 MPa was obtained at 0.1 g/ml composite concentration compared to
0.52 MPa for virgin PLA at the same concentration. At 0.11 g/ml composite
concentration, the Young modulus was 121.61 MPa compared to 1.1 MPa virgin
PLA at the same concentration. The addition of CSp to the PLA matrix increased
the number of pores in the fibres matrix giving rise to a pore diameter of 30.3 µm at
0.1 g/ml composite concentration for 30° spinneret angle. The fluid absorption test
showed that reinforced PLA has high affinity for water and PBS at test temperatures
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than virgin, while the latter and former are good water absorbers. The resulting
fibres can therefore, be used as towels, diapers, wound dressers, filters and in tissue
engineering.

Keywords Polylactide ⋅ Coconut shell particles ⋅ Composite fibre
Dichloromethane ⋅ Stiffness ⋅ Microstructure ⋅ Fluid absorption
Phosphate-buffer solution

Introduction

Most current studies on fibres and their reinforcements deal with organic polymers
or biopolymers. On the other hand, because of some special requirements in
applications such as high temperature or strong mechanical strength, inorganic
filaments have also been attracting huge focus. These include carbon nanotubes on
carbon fibres [1] and vanadium oxide whiskers on titanium oxide fibres [2]. The
study of polymeric fibers containing strengthening agents such as carbon nanotubes
[3–5], silica nanoclays [6–8] and graphite [9] etc., have been done with significant
success.

However, there are studies on polymer fibres reinforced with agricultural wastes.
Adeosun et al. [10] showed that the mechanical properties and biodegradability of
rice-husk reinforced polylactide composites have substitution potentials to replace
petroleum based polymeric-nano-fiber composites. In the plot study by Oksman
et al. [11], the mechanical properties of PLA—flax fibre composites showed that, it
is a candidate material for soft tissue engineering applications. Raju et al. [12]
showed that the mechanical properties of vinyl ester improved with the use of
groundnut shell particles. In this current study, coconut shell—an agricultural waste
was used as a strengthening agent to improve the properties of Polylactide (PLA).

Materials and Methods

The PLA resin used in the fibre production is a product of NatureWorks obtained
from China. The concentration of DCM as received from the dealer was 96% (v/v)
with density measured to be 1.29 g/cm3 at 27 °C. The reinforcement, CSp was
milled to 53 µm at Federal Institute of Industrial Research Oshodi (FIIRO) Lagos,
Nigeria, in a jaw crusher and completed in a ball mill for 72 h. PLA resins were
weighed from 4.5–7.0 g at an interval of 0.5 g to produce six different weights of
PLA. Each weight of the pure PLA was dissolved into 50 ml of DCM to give
concentrations from 0.09–0.14 g/ml at 0.01 g/ml interval. These were kept in
corked bottles for 3–4 h for proper dissolution of the PLA. Each solution was
electrospun using a 20 ml syringe with a 1.2 mm nozzle needle diameter. This
process was carried out at 30, 45 and 90° spinneret angles to the stationary
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aluminium foil collector plate. A high voltage supply source of 50 kV, 2 mA,
100 W was used. The voltage source was connected to the tip of the nozzle to
produce an electrostatic force, which resultantly spun the solution into fine thin
fibres that were collected on a stationary aluminium foil. The distances between the
nozzle and the collector are 75, 60 and 40 mm for 30, 45 and 90° respectively.
Average of 12 ml of the solution was used to produce each sample spanning
12–15 min. A total of 18 samples were produced for unreinforced PLA with 6 for
each spinneret angle.

The above procedures were repeated when the reinforcement was added to the
solution. The PLA weights were reduced by 5 wt% and replaced with 5 wt% CSp to
maintain concentrations of 0.09–0.14 g/ml when dissolved in 50 ml DCM.
Although CSp did not dissolve in DCM, however, it blended with the solution on
proper stirring. An average of 12 ml of composite solution was electrospun to
produce fibre sample within 18–20 min. A total of 18 composite fibres were pro-
duced with 6 at each spinneret angle.

Sample Preparation for Characterization

The tensile test was carried out on 20 × 10 × 0.58 mm fibre specimens using an
Instron Model 313 having Bluehill TM Version 1.00 analysis software at Centre for
Energy Research and Development (CERD), Obafemi Awolowo University Ile-Ife,
Osun State, Nigeria. The same dimension was also cut out from all the 36 samples
four times and weighed out for fluid absorption test using distilled water and PBS at
31 and 70 °C in a Uniscope SM801A laboratory water bath. It was carried out for a
period of 5 days and the samples were reweighed again to determine the rate of
fluid absorption. The water absorption test was carried out in the Department of
Metallurgical and Materials Engineering, University of Lagos, Nigeria.

Fibres specimens from the produced samples were subjected to Scanning
Electron Microscopy (SEM) analysis. An ASPEX 3020 model variable pressure
SEM operated with an electron intensity beam 15 kV and equipped with
Noran-Voyager energy dispersive spectroscope located at Covenant University Ota,
Ogun State, Nigeria was used to observe the morphological features of the fibres.
The average diameter of fibres and pore sizes were determined from SEM mi-
crostructures obtained at a magnification of 1000 with a calibration of 80 µm. The
80 µm calibration on the picture was converted to its equivalent inches on the
Microsoft word. Therefore, values of fibre and pores were measured in inches then
converted to µm. For example, if 80 µm is equivalent to 1.07 inches and the value
of fibre or pore diameter measured is 0.5 inch, then the fibre or pore diameter in µm
will be given in Eq. 1.
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X μm = 80 μm ×
0.5′′

1.07′′
ð1Þ

Results and Discussion

Mechanical Properties

The ultimate tensile strength, UTS of the electrospun PLA and PLA-CSp fibres
with respect to the spinneret angles are shown in Fig. 1. In Fig. 1a, the highest UTS
were obtained at 0.14 g/ml (1.85 MPa), 0.12 g/ml (1.7 MPa) and 0.09 g/ml
(0.8 MPa) for spinneret angles of 90°, 45° and 30° respectively. On the other hand,
the lowest UTS (<0.2 MPa) was obtained at 0.1 g/ml for all the spinneret angles.
From Fig. 1b, the highest UTS were obtained at 0.12 g/ml (1.0 MPa), 0.09 g/ml
(1.3 MPa) and 0.11 g/ml (4.51 MPa) for spinneret angles of 90°, 45° and 30°
respectively. On the other hand, the lowest UTS for the reinforced fibres were
obtained at 0.13 g/ml (0.25 MPa) for 90° and 30° (0.5 MPa) and 0.1 g/ml
(0.25 MPa) for 45°. The peak UTS for the reinforced fibre occurred at 0.11 g/ml
with spinneret angle of 30° (4.51 MPa), while the least (0.19 MPa) occurred at
0.1 g/ml at spinneret angle of 45°. The inclusion of CSp increases the UTS of
electrospun PLA until the peak value is attained. The irregularity observed in
between the peak and the starting point is attributed to the nonalignment of the
fibres collected on the plate owing to environmental impact. The reinforced fibres
were better in strength than the unreinforced at 30° spinning within 0.1–0.11 g/ml
and are thus recommended for use as it records strength increment of 1510.71–
2646.67% over unreinforced.

The stiffness of electrospun PLA and PLA-CSp fibres are shown in Fig. 2. In
Fig. 2a, the highest Modulus (18.45 MPa) was obtained at 0.14 g/ml for 90°
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Fig. 1 Fibers ultimate tensile strengths of a PLA b PLA-CSp
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spinning while it was a peak at 0.12 g/ml for 45° (25.33 MPa) and 30° (3.04 MPa)
spinning. The least modulus (0.25 MPa) was obtained at 0.13 g/ml for 90° spin-
neret position while the minimum at 0.1 g/ml for 45° and 30° are 0.41 MPa and
0.52 MPa respectively. The Fig. 2b shows the highest stiffness at 0.11 g/ml for 90°
and 45° with values of 24.96 MPa and 9.07 MPa respectively, while that at 30°
with 0.1 g/ml was 126.96 MPa. The stiffness was least (0.63 MPa) at 0.13 g/ml for
90°, (2.8 MPa) at 0.1 g/ml for 45° and (5.12 MPa) at 0.09 g/ml for 30°. At 90°
spinning, it was observed that the moduli of PLA-CSp are higher than that of pure
PLA except at 0.14 g/ml. The CSp is responsible for the enhanced moduli. At 45°,
the Young Modulus increased at four concentrations while at 0.12 g/ml and 0.13 g/
ml, the pure PLA has higher stiffness than the reinforced PLA. At 30°, the inclusion
of CSp tremendously increased the moduli of electrospun PLA to 126.96 MPa.

The elongations of electrospun PLA and PLA-CSp are presented in Fig. 3. The
highest elongation (26.83 mm) was obtained at 0.13 g/ml for 90°, 12.25 mm at
0.09 g/ml for 45° and 13.53 mm at 0.14 g/ml for 30°. The lowest E was 1.98 mm
at 0.11 g/ml for 90° and 45° and 3.62 mm at 0.12 g/ml for 30° (Fig. 3a). For
PLA-CSp fibers, the highest E was 7.7 mm and 5.83 mm at 0.13 g/ml for both 90°
and 45° respectively while 7 mm was obtained at 0.14 g/ml for 30° (Fig. 3b). The
lowest E of 1.05 mm, 1.87 mm and 0.82 mm were obtained at 0.12 g/ml (90°),
0.1 g/ml (45°) and 0.13 g/ml (30°) respectively.

As observed from Figs. 1, 2 and 3 the inclusion of CSp improves the UTS and
the Young Modulus of pure PLA. This high Young’s modulus is attributed to the
stiffening effect of the CSp filler. This agrees with the results of the microme-
chanical models [13, 14] and those of earlier studies [10, 12]. However, the ductility
of the pure PLA was impaired.
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Fluid Absorption Characteristics PLA-CSp

Certain areas of application of PLA would require that its fluid absorption rate is
ascertained. The degradation profile of PLA is affected by its fluid absorption
propensity, which may positive or negative depending on the area of application
[15]. The rate of water and PBS absorption of pure PLA and PLA-CSp at room
temperature and 70 °C for a period of five days are shown in Fig. 4.

Unreinforced PLA absorbed more water than PBS both at room temperature and
at 70 °C. The highest rate of absorption (0.38 g) was at 0.13 g/ml (Fig. 4a).
Similarly, PLA-5 wt% CSp absorbed more water than PBS both at room temper-
ature and at 70 °C with the highest (0.41 g) at 0.13 g/ml (Fig. 4b). The reinforced
PLA also absorbs more of both water and PBS than the pure PLA at 90°. This is
attributed to the amorphous content of the unprocessed CSp before use. The fluid
loving constituents of CSp will thus attract more molecules into its matrix [16].
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Fig. 3 Fibers elongation characteristics of a PLA b PLA-CSp
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In Fig. 5a the unreinforced PLA showed more affinity for water than PBS both at
room temperature and at 70 °C. The highest rate of absorption (0.37 g) was
at 0.13 g/ml). Similarly, PLA-5 wt% CSp absorbed more water than PBS both at
room temperature and at 70 °C with the highest (0.395 g) at 0.13 g/ml (Fig. 5b).
The reinforced PLA also absorbs more of both water and PBS than the pure PLA at
45°.

The study noticed that unreinforced PLA was more water loving than PBS both
at room temperature and at 70 °C for 30° spinneret inclination. The highest rate of
absorption (0.35 g) was at 0.12 g/ml (Fig. 6a). The PLA-5 wt% CSp followed a
similar pattern with the unreinforced PLA as it absorbed more water than PBS both
at room temperature and at 70 °C with the peak (0.39 g) at 0.12 g/ml (Fig. 6b). The
affinity of reinforced PLA water and PBS was higher than unreinforced PLA. The
increase in temperature increases the level of fluid absorption of the fibres. Thus,
the addition of CSp to PLA at 0.12 g/ml concentration and at 70 °C significantly
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increased the water absorption level by 11.43% while the PBS absorption level was
increased by 11.76%.

Morphological Analysis

Figures 7a and b are the morphological structures of pure PLA at 0.13 g/ml and
0.14 g/ml having ribbon-like shape fibres with embedded pores respectively. The
mean fibre diameters were ∼16346 nm and 10545 nm respectively.

Fig. 7 Morphology of pure PLA for 90° spinning at a 0.13 g/ml b 0.14 g/ml

Fig. 8 Morphology of pure PLA-5 wt% CSp for 90° spinning at a 0.11 g/ml b 0.13 g/ml
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Figure 8a and b show themorphological structure of PLA-5 wt%CSp at 0.11 g/ml
and 0.13 g/ml respectively with large diameter pores having mean diameter of
14632 nm and 12148 nm respectively. These large diameter pores scattered over the
fibre surface are attributed to the interaction between the particles and thematrix fibre.
There is a kind of repulsion between the matrix and the filler resulting into pores
formation [17].

Figure 9a shows the structure of PLA-5 wt% CSp at 0.11 g/ml and 45° spinneret
angle. Large pores were found with an average diameter of ∼16125 nm on the fibre
surface and the fibres are irregularly arranged. The pores on the fibre surface are
attributed to the presence of CSp in the PLA matrix. At 0.12 g/ml and 45°, a
ribbon-like shape fibres with embedded pores were observed with a mean diameter
of ∼19685 nm (Fig. 9b).

Figure 10a shows PLA-5 wt% CSp fibre structure at 0.1 g/ml and 30° with pores
of ∼20162 nm mean diameter on fibre surface irregularly arranged with beads.
Thus the large pores here are the cause of the large fibre diameter observed. This is
in consonance with the findings of Zhu and Beyerlein [18], Rnjak et al. [19] and
Eda and Shivkumar [20], where pore sizes were reported to have close and direct
relation to the fibre diameter of electrospun mats. The pore size increases with the
increase of the fibre diameter [21]. At 0.12 g/ml and 30° ribbon-like shape fibres
with embedded pores with beads were observed (see Fig. 10b) having ∼16456 nm
diameter.

(a) (b)

Fig. 9 Morphology of pure PLA-5 wt% CSp for 45° spinning at a 0.11 g/ml b 0.12 g/ml

Study on Polylactide-Coconut Fibre for Biomedical Applications 271



Conclusion

In the characterization study of reinforced PLA, the addition of coconut shell
particles produces a significant increase in the strength properties of the electrospun
fibres and influences the production of pores in the fibres. This composite fibre may
serve as wound dressers, moping materials for wet surfaces and can be impregnated
with a drug for drug delivery.
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Visualization of Implant Failure
by Synchrotron Tomography

Regine Willumeit-Römer, Julian Moosmann, Berit Zeller-Plumhoff,
D. C. Florian Wieland, Diana Krüger, Björn Wiese, Ann Wennerberg,
Niccolò Peruzzi, Silvia Galli, Felix Beckmann and Jörg U. Hammel

Abstract Magnesium (Mg) and its alloys degrade under physiological conditions.
But how strong is the connection between the implant, the corrosion layer and the
surrounding tissue, namely bone? Biomechanical tests like push-out tests have
shown that a degraded Mg-pin is surprisingly well integrated with the bone “as
reported by Castellani et al. (Acta Biomater 7(1):432–440, 2011) [1]”.
High-resolution synchrotron tomography offers a deep look into the microstructure
of the material as well as of the bone during deformation until fracture happens.
Here we present first data from an in situ tomography experiment of a
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biodegradable Mg-based implant under compressive load showing how Mg
implants are incorporated into bone.

Keywords Magnesium (Mg) ⋅ Synchrotron tomography ⋅ Implant failure
MicroCT ⋅ In situ biomechanical testing

Introduction

Aging populations, increasing obesity, and the rise in osteoporosis-related fractures
will sustain a need for orthopedic intervention. In addition, juvenile patients and
active adults exhibiting risky sporting activities also require perfect care. So far
these indications are treated mainly with non-degradable metal implants or in some
cases polymer implants. From the patient’s point of view, degradable implants
would clearly be preferred [2]. Here, degradable Magnesium based implants could
become an alternative to permanent metallic implants which have to be removed
after healing or to replace degradable polymers which do not always show the
required mechanical properties.

Mg and its alloys degrade under physiological conditions. The great challenge is
to tailor the degradation to be suitable for a biological environment. Fast or
uncontrolled corrosion is associated with strong hydrogen and ion release and
severe pH changes, which can lead to a fast loss of mechanical stability and
undesirable biological reactions. Since these processes are highly complex in a
living system and sufficient data describing the degradation in vivo is missing [3], it
is very difficult to produce knowledge based new alloys. Therefore the development
of new biodegradable Mg-based implants is strongly relying on the understanding
of the degradation process in the living organism and the creation of an appropriate
test system in vitro.

Of special importance is the question how the degrading implants interact with
the surrounding tissue, namely bone, and how they behave under load during the
degradation and healing process.

Bone healing and remodeling are highly complex biological processes which
cannot be mimicked in vitro. They change the structural and mechanical properties
of bone on all levels of the bone structure due to its hierarchical organization [4, 5].
Studies which analyze this in detail demonstrate that healing propagates in waves
where first woven bone is formed followed by a reordering to a lamellar structure.
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On the micro-structural scale the hydroxyl apatite crystals first form thick particles
with low orientation and an overall high degree of mineralization is observed [6, 7].
Subsequently, a transformation occurs and a decrease of the crystal size can be seen
accompanied by a better alignment. As the orientation of the collagen matrix and
the hydroxyl apatite crystals both play important roles, this observation is attributed
to the low degree of orientation in these early bone structures. This fine-tuned
orchestra can be easily disturbed when implants are positioned in the bone. This is
even more important when the implant presents not only a mechanical but also a
chemical disturbance to the microenvironment by releasing e.g. biologically active
ions into the biological environment as Mg implants do.

For all types of implants osseointegration is a very important clinical issue. The
success of the implantation is strictly related to the ability to be encapsulated by
bone tissue. One of the biggest threats to this integration is the occurrence of
micro-movements during the healing phase [8], while the implant is not yet bonded
to the bone. This might be even more important for relatively fast degrading Mg
implants (duration in the body 1–2 years, in some cases they can degrade within
weeks) where a stable surface to which the bone cells can attach does not exist.
However, not much is known about the interface between the bone, the corrosion
layer, and the bulk metal and which forces are transferred from the metal to the
bone or vice versa. Measuring push out forces showed that a degrading Mg implant
is much stronger integrated into the bone than Ti or a polymer but the reason for
this is unclear [1]. In situ synchrotron radiation tomography observing the structural
changes within bone and corrosion layer during a push-out experiment will deliver
the necessary data base which will allow us to simulate the force fields and thus to
elucidate the mechanism of failure for this new class of implants.

Materials and Methods

Screws (4 mm long, 2 mm in diameter, thread M2 and a 0.5 × 0.5 mm slotted
screw head) made of an alloy of Mg and Gadolinium (Gd) were prepared by
permanent mold direct chill casting, solid solution heat treated (T4) and further
processed by extrusion. Melting was performed using Ar + 3 vol% SF6 as shielding
gas in the induction furnace (Nabertherm) at a melding temperature of 700 °C.
Gadolinium with 5 and 10 wt% were added to the magnesium melt. The melt was
kept for 20 min and stirred with a rotation speed of 150 min−1. Then the molten
materials were poured into a permanent steel mold (diameter 110 mm, height
230 mm) which was preheated up to 680 °C. The melt was kept for 15 min at 680
°C in the mould. The cast ingots were cooled down to room temperature by water
quenching [9]. The ingots were T4 heat treated at 525 °C for 6 h and cooled down
by water quenching. The indirect extrusion was performed with an extrusion ratio
of 84 to the final diameter of 12 mm. As extrusion parameter, a ram speed of
150 m/min and a temperate of 400 °C were used. With wire electrical discharge
cutting, rods with a diameter of 3 mm were cut from the extruded bars. Their final
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shape was machined by turning and for the head by milling. The screws were
characterized with respect to their grain size and degradation behavior. Mg-5Gd
exhibits an average grain size of 52.6 ± 15.3 µm, while the grains for the Mg-10Gd
materials are smaller (25.9 ± 0.1 µm). Semi-static degradation tests over 1 month
period were performed on Mg-5Gd and Mg-10Gd screws in order to examine the
degradation behavior, in particular the degradation rate and degradation homo-
geneity. As degradation medium, mimicking biological conditions, ɑ-Minimum
Essential Medium (ɑ-MEM; Thermo Fisher Scientific GmbH, Darmstadt,
Germany) +10% Fetal Bovine Serum (FBS; PAA Laboratories, Linz, Austria) +1%
Penicillin/Streptomycin (P/S; Thermo Fisher Scientific GmbH, Darmstadt,
Germany) was used. The degradation medium was kept under cell culture condi-
tions (37 °C, 5% CO2, 20% O2, 95% relative humidity). The degradation rate was
determined at four time points (7, 14, 21, and 28th day of immersion) by using
high-resolution synchrotron radiation computed tomography at the imaging
beamline (IBL) P05 which is operated by the Helmholtz-Zentrum Geesthacht
(HZG) at the PETRA III storage ring at the Deutsches Elektronen-Synchrotron
(DESY), Hamburg [10–12]. The degradation rate was calculated as ΔV

A ⋅ t, where ΔV
denotes the volume change detected by measuring the volume V from tomographic
data before and after immersion, A the surface area before immersion, and t the time
of immersion. From these four measurements, an average degradation rate of
0.30 ± 0.09 mm/year for both alloys was obtained which is acceptable for
biodegradable implants [13]. The analysis showed that Mg-5Gd screws tend to
degrade with localized pitting corrosion in the first week of immersion. Afterwards
the corrosion layer starts to spread over the whole surface. In contrast, the primarily
localized pitting corrosion of Mg-10Gd is not as pronounced; the degradation is
more homogeneously distributed over a larger surface area (Fig. 1).

Screws made of Mg-5Gd and Mg-10Gd, and as reference materials, of polyether
ether ketone (PEEK) and Titanium were implanted in the femur of Sprague Dawley
rats for various healing times (4, 8, and 12 weeks). After the rats were sacrificed,
cylindrical or box-shaped explants with a diameter/width of 5 mm were cut from

Fig. 1 Cross sectional slices of two screws after 1 week degradation. Left: Mg-5Gd, right:
Mg-10Gd. Yellow colored areas represent corrosion layers and magenta colored dots represent Gd
agglomerations
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the rat’s femur. The data presented in the following is from an explant of a
Mg-10Gd screw implanted in a rat femur for 12 weeks.

In order to investigate the failure mechanisms and test the biomechanical
properties of degraded Mg-based implants in situ, a load frame is used which allows
the acquisition of a sequence of tomographic data sets under compressive load
conditions [14]. Tomographic data sets employing conventional absorption contrast
were acquired at IBL of PETRA III. A monochromatic X-ray beam with photon
energy of 34 keV and a bandwidth of 10−4 was used. X-rays were detected with an
indirect converting detector system consisting of a CCD camera, microscope optics,
and a scintillator. The main components of the load frame are a motorized actuator
delivering forces up to 1 kN, a load cell with an appropriately chosen sensitivity,
and an X-ray transparent spacer made of polyether ether ketone (PEEK) ensuring
force closure. Customized 3D printed sample mounts were used to support the
explants and to ensure that the force is applied paraxially to the principal axis of the
implant. Conventional absorption contrast tomography was employed with step-
wise rotation, 1200 projection per tomogram, and a CCD camera with
3056 × 3056 pixels. At fivefold optical magnification, this resulted in an effective
pixel size of 2.4 µm. A tomographic scan including acquisition of
flat-and-dark-fields took about 80 min. A sequence of ten tomograms of an explant
was acquired under increasing load conditions. Before the acquisition of each
tomogram, the force applied onto the implant was successively increased by 2.5 N.
The total range of forces probed was 0–24 N.

Results

In the following we present sections through the tomographic reconstructions of the
data that was acquired under increasing load conditions as described above. Slices
through the reconstructed volume along the principal axis of the implant are shown
in Fig. 2. The top image in Fig. 2 was acquired before any load was applied to the
screw, while for the bottom image the actuator was moved until a load of 24 N was
reached before the tomographic scan was started. This force corresponds to roughly
nine times the average body weight of a mature, male rat of about 275 g.
Comparison of the top and bottom image in Fig. 2 clearly shows load-induced
ruptures throughout the sample. Figure 3 depicts sequences of the regions which
are indicated by the black squares in Fig. 2 where cracks occur, propagate, and
expand in the course of increasing the load on the sample.

In Fig. 4 renderings of the cut-out explant, the corrosion layer, and the remaining
bulk material of the corroded implant are depicted. The renderings are made from
segmentations of the tomographic reconstruction which is shown in the top image
in Fig. 2. Segmentation was done by simple thresholding. Prior to thresholding,
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a phase-retrieval-filter (linearized transport-of-intensity/Paganin) was applied to the
data in order to remove residual edge-enhancement and to enhance the density
contrast in the reconstructions.

Fig. 2 Slices through the tomographic reconstructions of an explant along the principal axis of the
implant. The top image (0 N) was acquired without load and the bottom image (24 N) under
mechanical load. Images show a Mg-10Gd screw which was implanted in a rat femur for
12 weeks. Different layers of corrosion between implant and bone are distinguishable. In the
bottom image load-induced ruptures are visible throughout the sample. The tomographic data
during the load sequences was measured using conventional absorption contrast. After
reconstruction images were twofold binned to a shape of 1096 × 592 pixels with a linear pixel
size of 4.8 µm after binning
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Fig. 3 Sequences of two enlarged regions in the slices through the tomographic reconstructions of
an explant under increasing compressive load. The explant shown is a Mg-10Gd screw which was
implanted in a rat femur for 12 weeks. The magnified details depicted in the image sequences refer
to the two regions which are indicated in Fig. 2. The top row shows a region of cortical bone and
the bottom row a region of the bone-to-implant interface as indicated by the top right and bottom
left rectangle in Fig. 2, respectively. Before the acquisition of the tomographic scans was started,
the force was set to 15 N, 18 N, 21 N, and 24 N, respectively. Images have a shape of 148 × 140
pixels with a linear pixel size of 4.8 µm

Fig. 4 Renderings of the explant (left), the corrosion layer (middle), and the remaining bulk
material (right) of the corroded implant based on the reconstruction of the tomographic data. The
middle and right images show the enlarged region as indicated by the rectangle in left image.
Several layers of corrosion could be distinguished, but for the sake of a better visualization all
layers are rendered as a single one
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Discussion

The fragmentation of the implant material that can be seen in Fig. 2 in the areas
where corrosion took place is not due to load, but a normal consequence of cor-
rosion. It can also be observed in the corroded areas of screws that are not
implanted but which have been immersed in a cell culture medium for about 1 week
(Fig. 1). Ruptures in these fragmented areas increase under load, but do not seem to
impair the stability of the implant. Note that the interface between implant material
and bone does not exhibit a well-defined boundary surface. There is always an
inhomogeneous corrosion layer in between bone and bulk material with a com-
position that is influenced by the bone. Considering the rupture lines in the image
sequences of the magnified regions in Fig. 3 (which correspond to rupture planes in
3D), the propagation of these cracks does not seem to occur directly at the
bone-to-implant interface. Instead, the first crack is at a 45° angle with respect to the
direction of loading, which is the direction of maximum shear stress. Whilst this
may indicate the strength of the osseointegration of the implant, it is more likely to
be an artefact of the experimental setup, as the lower part of implant is integrated
into the cortical bone which effectively results in a zero displacement boundary
condition in the loading direction. To circumvent this artefact it is necessary to
ensure that the implant has no interface with the cortical bone opposite the
implantation site. Segmentations, as in Fig. 4, allow to calculate the contact area
between bone and implant which is a means to assess the osseointegration and the
bone formation around implants.

Conclusions

During tomography on a bone-implant sample biomechanical testing was per-
formed in situ yielding four-dimensional image data showing implant failure. The
reconstructed volumes allow to distinguish cortical and trabecular bone, osteocyte
lacunae, Haversian canals, and bone marrow. The analyzed load sequence showed
that the bone-to-implant interface remained intact under compression with up to
18 N, where the first breakage occurred. When implant failure took place within the
sample, sites of fracture were distributed throughout the sample. However, ruptures
do not seem to predominantly originate from or propagate along the
bone-to-implant interface. Cracks within corroded areas of the implant, which are
already present prior to load, increased under load. This does not seem to impair
the stability of the implant as in these regions load induced rupture lines are not
more frequent than in other. Moreover, the analyzed Mg-based implants show an
excellent osseointegration. The data acquired in this first experiment under load
conditions corroborates the idea to use biodegradable Mg-based screws for bone
implants. In follow-up experiments a statistically significant number of implants
will be considered and additional small angle X-ray scattering experiments will be
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performed. This will give evidence on the performance of the employed implant
material i.e. on integration and stability with respect to the employed material,
healing times, and load conditions.
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3D Full-Field Mechanical Measurement
of a Shoulder Bone Under Implant
Loading

Yuxiao Zhou, Michael A. Hernandez Lamberty, Gregory S. Lewis,
April D. Armstrong and Jing Du

Abstract The mechanics of shoulder bones under implant loading is important to
the success of shoulder replacement surgery. This work presents the results of a
noninvasive three-dimensional (3D) full-field mechanical measurement of
implanted shoulder bones under various physiologically realistic loading condi-
tions. A glenoid implant was cemented in a human cadaveric specimen by a
shoulder surgeon and loaded in a mechanical tester coupled with micro X-ray
computed tomography (micro-CT). The micro-CT images of the specimen was
taken under no-load, eccentric loading, and concentric loading conditions, respec-
tively. Using image processing technique and digital volume correlation, the 3D
displacement field inside the shoulder bone were calculated. The results were
displayed using 3D visualization tools. The clinical implications of the results are
discussed for the improvement of total shoulder replacement.
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Introduction

Glenoid implant loosening is the most common complication in the total shoulder
replacement surgery. After 5 years, radiographic loosening rates have been
observed to be 15–44% [1–4]. Glenoid implant loosening is related to the
mechanics in the implant-bone structure. There is a need to study the biomechanics
of the shoulder bone when glenoid implants are under loading conditions.

Micro X-ray computed tomography (micro-CT) techniques were used in our
prior study to explore the damage of bone and loosening of the implant [5]. Digital
volume correlation (DVC) of micro-CT images can provide three-dimensional (3D)
displacement and strain distribution. It was recently applied on the study of implant-
bone biomechanics [6–8]. In this study, we used mechanical testing coupled with
micro-CT scans and the DVC method to study the deformation of shoulder bone
under various physiologically realistic loading conditions.

Materials and Method

Sample Preparation

A fresh-frozen shoulder bone specimen (glenoid) was obtained. The soft tissues
were stripped off. A commercial shoulder implant (glenoid component) (Bigliani/
Flatow, Zimmer Inc., Warsaw, IN) was placed into the shoulder bone, with bone
cement (Surgical Simplex P, Stryker, Kalamazoo, MI) filling up the bone-implant
interface. The surgical operation was performed by a senior shoulder surgeon. The
implant is three-pegged. It is made of polyethylene, and has a dimeter of 46 mm.
The metal pin in the central peg of glenoid implant was removed to reduce image
artifact under micro-CT.

The shoulder bone was then embedded in polymethyl methacrylate (PMMA,
Ortho-Jet BCA, Lang Dental, Wheeling, IL), and sectioned to approximately
40 × 40 × 60 mm in size to fit into the mechanical tester. The specimen was kept
frozen until 12 h prior to the test, when it was thawed in a refrigerator.

In Situ Mechanical Testing

In situ mechanical testing of the implant in shoulder bone was performed using a
mechanical tester (CT5000, Deben UK Limited, Suffolk, United Kingdom) coupled
with micro-CT (Phoenix v|tome|x L300 multi-scale nano/microCT system, GE,
Boston, MA) (Fig. 1). A compressive load was applied on the implant through a
hemispherical polyoxymethylene indenter in order to mimic the contact loading
from the humeral head.
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The specimen was loaded at a displacement rate of 1 mm/min until the load
reached 750 N. Then the load was maintained at this level for ∼1 h for the spec-
imen to almost fully relax. The compressive load was applied under three different
conditions, where the glenoid component was aligned (1) 4 mm to the anterior side
of the shoulder bone; (2) concentric to the shoulder bone and (3) 4 mm to the
posterior side of the shoulder bone.

Micro-CT scans of the specimen were performed before the specimen was
loaded and after the specimen was relaxed at the above-mentioned 3 loading
conditions. A voltage of 150 kV and a current of 160 µA was used in the scans.
Image sequences with sizes of ∼2014 × 2014 × 2024 were obtained. The reso-
lution of the images is 24 µm.

Image Segmentation and Registration

The micro-CT images were cropped in Avizo 3D analysis software (FEI Visual-
ization Sciences Group, Burlington, MA) to obtain the images for the region of
interest. They were then segmented using water-shed techniques in Avizo to several
regions, including bone, implant and potting materials (Fig. 2). The images of bone
were extracted for the following analysis. The images of bone were registered in
Avizo to make the bottom 1/10 of the images aligned with each other.

Fig. 1 The experimental
setup for the mechanical
testing coupled with
micro-CT
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Digital Volume Correlation (DVC)

Digital volume correlation (DVC) was performed in DaVis software (LaVision,
Goettingen, Germany) on the extracted images of shoulder bone. The movements of
each block of pixels were tracked by comparing the images at no-load and loaded
states. A sequential correlation method was used. A coarser block size of
128 × 128 × 128 was used in the first trial to predict the movements. A block
size of 64 × 64 × 64 was used in the second and also final step. The overlap ratio
between adjacent blocks was chosen to be 50%. The deformation of shoulder bone
was calculated for the above-mentioned 3 loading conditions.

Results and Discussion

Deformation Obtained from Image Registration

The registered images are displayed in Fig. 3, with the bottom 1/10 of the images at
no-load and loaded conditions aligned together. It is consistent with the experi-
mental setup, when the bottom of the specimens were fixed to the tester. The
images at loaded conditions (yellow) was overlaid on the images at no-load con-
dition (grey scale).

Deformation Obtained from DVC

The deformation of the shoulder bone along the loading direction was obtained
from DVC. They are displayed in Fig. 4 on transverse cross-sections at ∼2/3 of the
specimen height. Negative sign is towards the loading direction.

Glenoid component 
(shoulder implant)

Transverse 
View

Sagittal View(a) (b)

Glenoid 
(shoulder bone)

Fig. 2 Rendered 3D images of a implant and b bone obtained from segmentation of micro-CT
images
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Discussion

The deformation fields obtained from image registration and DVC have good
agreement with each other. The anterior side was pressed down in anteriorly
eccentric loading and concentric loading conditions, while the posterior side rose
up. In posteriorly eccentric loading conditions, the deformation was much smaller
than that for the other two loading conditions. It can be attributed to the asymmetric
geometry of shoulder bone.
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Fig. 3 Registered sagittal-views of shoulder bone with the bottoms aligned, for a eccentric
loading to the anterior side, b concentric loading and c eccentric loading to the posterior side
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Fig. 4 Deformation of shoulder bone obtained from DVC for a eccentric loading to the anterior
side, b concentric loading and c eccentric loading to the posterior side, displayed on a transverse
cross-section. (unit: mm)
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Implications

The results show that the deformations of shoulder bone under various physio-
logically realistic loading conditions are different. They are different in the direction
and in scale. In this particular specimen, it was more resistant to the posteriorly
eccentric loading. Due to the limited sample size, it is just a proof-of-concept study.
The results provide insights for the future improvement for the total shoulder
replacement procedures.

It is needed to note that the DVC results in the cementing materials are not
accurate. Future work are needed to improve the accuracy of the DVC in cement or
to segment the images of cement from bone.

Conclusions

This paper presents the results of a study on the loading of shoulder glenoid
implant. The deformation of a shoulder bone under various physiologically realistic
loading conditions was measured in the in situ mechanical testing coupled with
micro-CT. Image registration and digital volume correlation of the micro-CT
images at no-load and loaded conditions provide the deformation of shoulder bone.
The results obtained from the two methods have good agreement with each other.
This particular shoulder bone specimen was more resistant to the posterior loading.
Future directions include systematic studies of implant loading for more specimens
under cyclic loading conditions.
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The Influence of Plastic Deformation
Mechanisms on the Adhesion Behavior
and Collagen Formation in Osteoblast
Cells

B. Uzer, F. Monte, Kamal R. Awad, Pranesh B. Aswath, Venu
G. Varanasi and D. Canadinç

Abstract In many of biomedical applications, the implant might get in direct contact
with the bone tissue where the osteogenesis needs to be stimulated. If osteoblasts can
not successfully attach on the implant surface, the bone might resorb and implant can
fail. In the current study MC3T3 cells were cultured on the 316L stainless steel
samples which were deformed up to four different strain levels (5, 15, 25 and 35%) to
activate plastic deformation mechanisms (slip and twinning) in different volume
fractions. Scanning electronmicroscopy (SEM) images showed that cells adhered and
spread significantly on the 25 and 35% deformed samples owing to the greater surface
roughness and energy provided by the increased density of micro-deformation
mechanisms which promoted the formation of focal contacts. In addition, significant
amount of collagen formation was observed on the sample deformed up to 25% of
strain which can be due to the ideal match of the surface roughness and collagen
molecules. Overall these results show that material’s microstructure can be manipu-
lated through plastic deformation mechanisms in order to enhance the cell response
and collagen deposition. As a result long lasting implants could be obtained which
would eliminate additional surgical interventions and provide a successful treatment.

B. Uzer (✉)
Department of Mechanical Engineering, Abdullah Gul University,
38080 Kayseri, Turkey
e-mail: benay.uzer@agu.edu.tr

B. Uzer ⋅ D. Canadinç
Advanced Materials Group (AMG), Department of Mechanical Engineering,
Koç University, 34450 Sariyer, İstanbul, Turkey

F. Monte ⋅ K. R. Awad ⋅ P. B. Aswath ⋅ V. G. Varanasi
Department of Materials Science and Engineering, University of Texas
at Arlington, Arlington, TX 76019, USA

K. R. Awad
Refractories, Ceramics and Building Materials Department, National Research Centre,
Giza, Egypt

D. Canadinç
Koç University Surface Science and Technology Center (KUYTAM), 34450 Sariyer,
İstanbul, Turkey

© The Minerals, Metals & Materials Society 2018
The Minerals, Metals & Materials Society, TMS 2018 147th Annual Meeting
& Exhibition Supplemental Proceedings, The Minerals, Metals & Materials Series,
https://doi.org/10.1007/978-3-319-72526-0_27

295



Keywords Osteoblast ⋅ Collagen formation ⋅ Cell adhesion
Micro-deformation mechanisms ⋅ Slip ⋅ Twinning ⋅ Plastic deformation

Introduction

Metallic materials are widely utilized in biomedical applications including ortho-
pedics, cardiology, cranioplasty and orthodontics [1, 2]. Orthopedic implants such
as staples, screws, intramedullary nails or hip replacements involve direct interac-
tion with bone [1, 3, 4]. In order to attain a successful treatment a complete fusion
between the implant surface and bone tissue needs to be established by eliminating
the attachment of epithelial or connective tissue cells that could lead to fibrous
tissue interface and implant failure [3, 5, 6]. In addition, any inflammatory reaction
or bacterial infections should also be prevented for optimal bone regeneration [5].
The initial interaction of the cell and the implant surface constitutes utmost
importance and controls the further proliferation of the bone cells [2]. Osteoblast
cells need to form direct focal contact points on the interface and adhesion should
be promoted [6]. In consequence of a good cell adhesion, osteoblasts deposit col-
lagen matrix on the implant surface which after 4–6 weeks is replaced with woven
bone forming the connection between the implant and surrounding bone [6]. If
osteoblasts can not successfully attach and proliferate on the implant surface the
bone might resorb and implant can fail as a result of loosening [1]. Previous studies
pointed out the essential role of material selection, and surface roughness, topog-
raphy and energy on the osteoblast adhesion [3, 7, 8]. Recently improved brain
tumor cell response was reported in parallel with the activation of plastic defor-
mation mechanisms (i.e. slip and twinning) which provided high surface energy and
catalyzed the formation of focal contacts [2]. This study showed the significant
effect of plastic deformation mechanisms on the surface topography, roughness and
energy which eventually led to increased cell adhesion and viability. Earlier,
numerous surface modification techniques were utilized to improve material
properties in order to obtain improved osteoblast cell response [4, 8–11]. These
studies showed that cell adhesion and collagen production was promoted with the
increase of the surface roughness and energy. However, they were confined with the
modifications of the surface properties, and the influence of material’s
microstructural features (slip and twinning mechanisms) on the response of
osteoblast cells and collagen formation has not been reported yet. The current study
was carried out with this motivation to address this issue.

In the current study the MC3T3 cells were cultured on the 316L stainless steel
samples which were deformed up to four strain levels (5, 15, 25 and 35%) to
activate plastic deformation mechanisms (slip and twinning) in different volume
fractions. SEM images showed that cell attachment improved significantly with the
increase of the plastic deformation. Specifically, cells adhered and spread by
forming filopodias significantly on the 25 and 35% deformed samples owing to the
enhanced activity micro-deformation mechanisms. However, the formation of
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collagen was mostly promoted on the sample deformed up to 25% of strain which
was also confirmed with Raman spectroscopy and might be due to the ideal match
of the proteins with the surface roughness of this sample. Overall these results
showed that desired implant-tissue integration can be achieved by plastically
deforming the material and manipulating its microstructure at an optimum level. In
this way long lasting implants could be manufactured that would eliminate implant
failure and additional surgical interventions.

Experimental

Austenitic stainless steel samples with the grade of 316L were utilized in the current
study since mechanical properties and the microstructure of this metal is well
known, as well as its interaction with the cells which has been subjected to
numerous studies [1, 12, 13]. Initially dog bone shaped tensile test specimens with
the dimensions of 20 × 10 × 1 mm were cut via electrical discharge machining
(EDM) and both sides of the sample surface were ground with 600, 800 and 1200
grit SiC sandpapers and polished with the diamond abrasives which had the particle
size of 6, 3 and 1 µm respectively. Uniaxial tensile test was carried out up to four
strain levels: 5, 15, 25 and 35% which led to the activation of plastic deformation
mechanisms (i.e. slip and twin) in gradually increasing volumetric fractions.
Surface topography of the undeformed and deformed samples was analyzed via
confocal laser scanning microscopy (CLSM) at a magnification of 50 × . Average
surface roughness (Ra) of each sample was evaluated by scanning 5 different
regions with an area of 50 × 50 µm and taking the average value of these scans.

Dependence of cell adhesion and collagen formation on the plastic deformation
mechanisms were evaluated by analyzing the response of the MC3T3-E4 cells
cultured on the metal samples. 200,000 cells were seeded on the samples placed in
12 well plate using 200 µl of medium with 10% fetal bovine serum (FBS). Plate
was placed in incubator (37 °C, >95% re., 5% CO2) for 30 min for adequate cell
attachment, after 1 ml of alfa-MEM + 1% P/S + 10% FBS were added per well.
Cells were allowed to grow for 24 h, then they were synchronized with α-MEM 2%
FBS and 1% penicillin-streptomycin (P/S) for 48 h. After synchronization, the
medium was changed by differentiation medium formed by α-MEM + 10%
FBS + 1% P/S and supplemented with ascorbic acid 50 ppm. Differentiation
medium was changed every 2 days up to 21 days. Afterwards, the media was
removed, samples were washed with PBS and prepared for Raman spectroscopy
and scanning electron microscopy. The samples were fixed with glutaraldehyde
2.5% for 1 h, dehydrated with ethanol and allowed to air dry overnight.

Attachment, spreading and adhesion behavior of these cells, and collagen for-
mation on the implant materials were observed via scanning electron microscopy
(Hitachi S-3000 N Variable Pressure SEM). The images were obtained with sec-
ondary electron (SE) detector, under an accelerating voltage of 25 kV and at a
magnification in the range of 1000–8000× . Chemical structure of the biological
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molecules attached on material surface were detected using Microspot Raman
Spectroscopy (DXR, Thermo Scientific, 10 × objective) with 532 nm excitation
laser at 10 mW, and 50 μm pinhole slit. The samples were photobleached for 4 min
prior to spectra collection and 4 s exposure time was used. Thirty-two spectra per
location were recorded between 600 and 2000 cm−1.

Results and Discussion

Surface topography of each sample was analyzed via CLSM and the average sur-
face roughness (Ra) values are presented in Table 1. The results showed that Ra

increased in concomitant with the plastic deformation (Table 1) which constitutes
importance because greater surface roughness was shown to have a positive effect
on the cell adhesion [2, 9, 14, 15].

Adhesion and spreading behavior of the cells on the samples deformed up to
different strain levels were analyzed with SEM. The images showed that osteoblast
attachment increased significantly as the deformation level increased. For instance,
cell adhesion on the undeformed and 35% deformed samples are presented in
Fig. 1, and significant morphological differences can be observed. The osteoblast
cells had round shape and sphere like surface evagination on the undeformed
sample (Fig. 1a). They did not form filopodia, actin containing protrusions, which
play critical role on cell adhesion, migration and formation of cell-cell contacts
[16]. Filopodias are directly related with the surface adhesion of the cells because
cell adhesion molecules are often found in the tips of these protrusions [17]. On the
other hand, cells on the sample deformed up to 35% had a flattened and spread
morphology (Fig. 1b) and they formed filopodias in multiple direction which help
them to better adhere on the implant surface. In addition to that intercellular
attachment was also prevalent on this sample which shows that the neighboring
cells recognized one another through their membrane proteins and attached with
their filopodias [2]. This enhanced cell response on this sample was explained with
greater surface energy provided by the activation of slip and twinning mechanisms,
and their interaction. Specifically, twins acted as barriers against dislocation motion
which increased the stress concentration and further catalyzed the cell attachment
on the samples with greater plastic deformation. These mechanisms also created
groove like regions on the material surface which successively increased the surface
roughness and eased the deposition of adhesion proteins [2]. Earlier studies on the
interaction of osteoblast cells and the implant showed that surface roughness can
significantly alter the cell response by affecting the cytokines and growth factor

Table 1 Average surface roughness (Ra) values of the samples deformed up to different strain
levels (in µm)

Sample Undeformed 5% 15% 25% 35%

Ra 0.069 ± 0.001 0.117 ± 0.003 0.350 ± 0.029 0.470 ± 0.024 0.690 ± 0.017
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production which directly affects the bone [18]. Thus, the increased surface
roughness of this sample would result with improved cell response. It should be
noted that the formation of filopodias was also observed densely on the sample
deformed up to 25% of strain.

In addition to the above, collagen formation also plays critical role to achieve a
successful treatment, and bone reformation which would have good quality and
strength [19]. Studies also showed higher percentage of implant bone contact and
increased bone formation was attained when the implant was covered with collagen
membranes [20, 21]. Collagen fibers provide the ductility and ability to absorb
energy [19]. Therefore its structure throughout the implant-tissue integration can
significantly affect the mechanical properties of the bone and the treatment [19].
Collagen bundles on each sample were analyzed in detail via SEM. The image of
cells cultured on the sample deformed up to 25% of strain showed the greatest
density of collagen formation (Fig. 2). One of the reasons for this can be the
optimal match between the extracellular matrix (ECM) molecules and the surface

Fig. 1 Images showing the adhesion behavior of the cells cultured on the (a) undeformed and (b)
35% deformed samples. Collagen bundle is marked with red arrow and filopodia is encircled in red
in figure (b)

Fig. 2 Collagen formation in
MC3T3 osteoblast cells
cultured on the sample
deformed up to 25% of strain
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roughness, such that in this sample the proteins responsible for the cell attachment
might have deposited more easily by accumulating in these grooves.

Chemical structure of the molecules adhered on the material surface was ana-
lyzed via Raman spectroscopy. Raman spectra have been reported for all samples to
present any mineral or matrix collagen deposition. Figure 3 shows the actual
Raman spectra for the four deformed samples, it is clear that samples deformed up
to 5 and 15% of strain show small intensive peak for amide I at 1660 cm−1 and
peaks of CH3-CH2 bending mode of collagen at 1032 cm−1. On the other hand, 25
and 35% deformed samples show very well defined and intensive peaks for amide I
and II at 1660 cm−1 and 1480 cm−1. By comparing the area under the peaks of
amide I for all samples, it clear that the area increases from 409 cm2 for 5% sample
to reach to the highest value of 5796 cm2 for sample 25%, which confirm the SEM
results that this sample showed the greatest density of collagen formation. These
results show that improved bone-implant integration can be achieved by selecting
the sample deformed up to 25% of strain as the implant material. However, it should
be noted that in order to better understand the exact interaction between implant
surface and the proteins taking role in adhesion further qualitative and quantitative
analyses need to be carried out through the immune labelling of the proteins. In this
way implants with superior properties could be attained which would lead to
acceleration of the healing and manufacturing of long-lasting implants without the
occurrence of failure.

Fig. 3 Raman spectra of the samples deformed up to a 5, b 15, c 25 and d 35% of strain
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Conclusion

The results of this study confirm that, osteoblast cells show more spread behavior
and improved cell adhesion in parallel with the increasing density of slip and
twinning mechanisms. Significant filopodial formation was observed on the sam-
ples deformed up to 25 and 35% of strain owing to the higher activity of
micro-deformation mechanisms. The collagen bundles were prevalent with the
greatest density on the sample deformed up to 25% of strain which was also
confirmed with the results of Raman spectroscopy. Overall the results of the current
study show that by optimally manipulating the implant’s microstructure utilizing
the activation of micro-deformation mechanisms improved cell response can be
achieved that would lead to a successful implant treatment.
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Part XI
Bulk Metallic Glasses XV



Probabilistic Modeling and Simulation
of Microstructural Evolution in Zr Based
Bulk Metallic Glass Matrix Composites
During Solidification

Muhammad Musaddique Ali Rafique

Abstract Bulk metallic glass and their composites are unique new materials which
have superior mechanical and structural properties as compared to existing con-
ventional materials. However, their mechanical behavior is dubious, unpredictable
and requires extensive experimentation to draw conclusive results. In present study,
which is continuation of previous work of author, a non-linear one-dimensional
iterative deterministic model is combined with two-dimensional probabilistic cel-
lular automaton method to describe nucleation and growth of primary ductile phase
from melt in glassy matrix during solidification. Preliminary methodology ad
philosophy of model making is described with an aim to explain the grounds on
which this approach is adopted. MATLAB® is chosen as programing platform.
Results indicate that the effect of incorporating all heat transfer, mass transfer and
diffusion coefficients with appropriate interpolation play a vital role in refining the
model and bringing it closer to actual experimental observations. Two types of
hypo and hyper eutectic systems were studied with different inoculants.

Keywords Cellular automaton ⋅ Solidification ⋅ Mass transfer coefficients
Interpolation

Introduction

Bulk Metallic Glass Matrix Composites (BMGMC) have emerged as new materials
of future bearing unique properties of strength, hardness and elastic strain limit [1]
which are not observed in other conventional engineering materials. However, they
suffer from lack of ductility and toughness which make them impracticable to be
used in any structural engineering application [2]. They fail catastrophically under
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the application of external load without yielding. Due to this they have not been
able to gain enough popularity and are still being investigated at laboratory scale.
Various theories and thoughts exist which reinforce or cast doubts about their large
scale manufacturing. Recently, a lot of attention has been diverted at making them
useful for outer space and extreme environment conditions [3–6] such as windows
of international space station (ISS) [5], gears of outer and deep space exploration
missions and rovers [7, 8]. However, an in depth understanding of their mi-
crostructure evolution is still a gap in field of research. Various efforts have been
made to address this problem such as use of container less levitation techniques [4],
experiments in micro and zero gravity [4, 9] and use of synchrotron light [10, 11]
but none has proved out to be satisfactory. In present study, an effort has been made
to address this problem from modeling and simulation perspective. A detailed
probabilistic iterative model is developed based on well-known theory of
self-reproducing automata [12] which is based on authors earlier work [3]
describing deterministic modeling and simulation in Zr based BMGMCs. Some of
the salient features of model and approach are described below.

Model

It consists of making a detailed probabilistic model explaining two dimensional
evolution of dendritic microstructure (e.g. B2 in CuZrAlCo and β-Zr CuZrAlNi) in
a carefully selected simulation domain based on cellular automaton method [13]. Its
features are:

1. It takes into account the use of transient thermal parameters (temperature,
density, specific heat capacity, thermal conductivity) of actual Zr based
BMGMCs [14], incorporate them in detailed heat transfer model in ABAQUS,
generate temperature profile at each node of mesh in ABAQUS simulation
geometry and finally use this temperature as input for CA simulation domain
inside ABAQUS finite element (FE) grid [15]. In summary CA process [13]
adopted here is:

a. Determine phases to be evolved in a typical selected alloy system (based on
literature).

b. Determine their volume fraction (Vf) (based on literature).
c. Select Representative Volume Element (RVE) in a test piece/coupon (in

mm) (actual part—in present case rectangular block).
d. Selection of simulation domain (Cartesian or point based grid) (e-g

300 × 300 [15]). This is performed in MATLAB.
e. Select cell shape (square, hexagon, rectangle (based on literature)). This is

done in MATLAB.
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f. Select parameters to account for mesh anisotropy. This can be done by any
of following

i. Selection of modified square cell (decentred square algorithm (DCSA
[16–19])) (most popular approach).

ii. Refining of square cells e.g. limited angle method [15]
iii. Refining of mesh (by decreasing it physical size from micron to nm)

(usually not adopted—leads to increase of computational time and
make process inefficient).

g. Select neighborhood transition rules [20] based on well-established CA
pattern selected in step e above (These rules are well defined in literature e.g.
Von Numen rules, Moore rules [21] (popular, accurate but computationally
expensive), Solid/Liquid Interface generation and energy at tip) [22, 23].

h. Scan whole simulation domain/grid for “n” number of cells (300 × 300
[15]) and assign a random number r (0 < r < 1) to each cell [24–26].

i. Select physical appearance of next cells based on neighborhood transition
rules of step g above.

Note: CA model is physical model as it gives interface curvature physically and
plot it in a cell in terms of solid fraction in a 2D simulation domain/grid thus a
visual/physical picture is obtained. (However, it depends on previous deterministic
[3] and heat transfer model (as described above)).

Explanation

In essence, the model consists of calculating solid fraction in defined cell as a
function of time. Once this solid fraction is calculated at a particular time, a random
number is generated which is assigned to next growing grain/cell. Life or death of
next cell is determined on the basis of this number. Similarly, growth (solid frac-
tion) in next cell (Fig. 1a and b) is determined on the basis of its life/existence and
the process continues.

It is primarily based on following fundamental studies [24, 27–29] whose origins
goes back to welding process owing to similarities in features and characteristics as
additive manufacturing process.

1. Nastac, L., Numerical modeling of solidification morphologies and segregation
patterns in cast dendritic alloys. Acta Materialia, 1999. 47(17): p. 4253–4262

2. Wei, Y.H., et al., Numerical simulation of columnar dendritic grain growth
during weld solidification process. Science and Technology of Welding and
Joining, 2007. 12(2): p. 138–146
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3. Zhou, X., et al., Simulation of microstructure evolution during hybrid deposition
and micro-rolling process. Journal of Materials Science, 2016. 51(14):
p. 6735–6749

4. Dezfoli, A.R.A., et al., Determination and controlling of grain structure of
metals after laser incidence: Theoretical approach. Sci. Rep. 2017. 7: p. 41527

Present study is focused on development of detailed theoretical model for
BMGMCs. Coding, simulation results and their comparison with experimental
values will be described in subsequent studies.
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The Adhesion Force in Nano-Contact
During Approaching and Retrieving
Processes

Biao Yang and Bailin Zheng

Abstract Atomistic simulations are used to test the continuum contact theories on
the micro scale. Nominally spherical tips are pressed into a flat substrate. The
force-displacement curves obtained contain information about the relationship
between the adhesion force and the normal displacement. The indenter size is also
taken into consideration. Snapshots of atomistic configurations are used to explain
the results. Results show that the adhesion effects are different during the
approaching and retrieving processes. Which means different effects of surface
interaction and would give different solutions of continuum contact theories.
What’s more, the maximum normal displacement (Dmax) has great impact on the
pull-off force, accompanied with different dislocation nucleation, movements and
annihilation. Also it is found that the position where the maximum pull-off force
occurred is related to the maximum normal displacement and the indenter size. It
happens earlier with decreased normal displacement and indenter size.

Keywords Adhesion force ⋅ Nano-contact ⋅ Molecular dynamic simulation

Introduction

Study on the contact mechanism in nanoscale is beneficial for the manufacture of
many microfabricated devices. Literature depicting the contact mechanism between
solids could be found since 1896 [1]. Nowadays with the rapid development in
nano-technology and computer technology, experiments and simulations working
on the nano-contact mechanism have become more and more popular [2–6], which
facilitate better understanding of atomic-level mechanism of the contact problem.
Contrasted with experiments, atomistic simulation provides invaluable physical
insight to nano-contact for scientists to probe the contact behavior.
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It is well known that contact mechanism in small scale concerning the work of
adhesion or not is totally different [7]. It might be Johnson and his cooperators who
first consider the work of adhesion in contact in 1971 [8]. And Derjaguin et al.
proposed another way to model the adhesive contact after 4 years [9]. Comparison
between these theories have been done by Zhao et al. [10]. It is found that the JKR
and DMT theories are suitable for different conditions as limiting cases of soft and
hard contact, respectively [5]. However, as the size of contact regions approached
atomic dimensions, continuum theories describing the contact between surfaces
seem to be disabled [11]. Luan and Robbins discovered that the atomic scale
roughness have profound effects on contact areas, local stresses and the work of
adhesion by using the atomistic simulation [4, 11]. Although there are a few
methods to simulate the nano-contact problem, it is arguably that the most appro-
priate numerical tool to study the adhesive contact at atomic scale is the classical
molecular dynamics simulation [6]. Landman et al. first use MD to study the
atomistic mechanisms of adhesion, contact formation and separation [12]. Yu and
Polycarpou proposed a new method to determine the equilibrium distance of
Lennard-Jones potential for reducing the computation error [13]. Si and Wang
presented a simulation study of adhesion contact between a spherical tip and single
asperities situated on a flat surface. Results showed that radii and heights of
asperities have a great influence on the van der Waals force and the adhesive force
[14]. Solhjoo and Vakis investigated the applicability of classical contact theories at
nanoscale and elucidate the work of adhesion [6]. It could easily be found from the
above literatures that when a spherical tip was pressed onto a flat substrate, the
adhesive force between approaching and retrieving processes is different. But few
works have been done to study the phenomenon which is critical to the problem of
contact status.

In this paper, molecular dynamics simulation is employed to investigate the
adhesion work during the nano-contact with the consideration of different normal
displacement and indenter size. Emphases are paid on the difference of adhesion
between approaching and retrieving processes with different normal displacement,
aiming to better understanding the atomic-level mechanism of adhesion work.
Section 2 introduces the simulation method employed in this work. Empirical
potentials, computation models, temperature, boundary conditions and visualization
techniques are given in this section. In Sect. 3, a detailed discussion is given to
analyze the work of adhesion in the nano-contact problem. The comparison with the
continuum theories and atomistic simulation is also discussed. Finally, it is the
conclusion including the future prospects of this research.

Modeling and Simulation

In this work, the MD model consists of a nickel indenter and a flat nickel substrate.
Figure 1 shows the sketch of the nano-contact model. The axis X, Y, Z represent for
crystal orientation [100], [010], [001] respectively. The radius of the spherical
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indenter is represented by R, which could be 12λ, 15λ and 15λ respectively, where
λ is the lattice constant of Ni (λ = 0.352 nm). The size of the nickel substrate is
60λ × 60λ × 60λ. There are 56346 atoms and 871200 atoms in the indenter and
the substrate(R = 15λ) respectively. The distance between the down point of the
indenter and the up surface of the substrate is h while D represents the depth of the
indenter displacement from the up surface of the nickel substrate. The simulation
model are presented in Fig. 2. The bottom surface of the nickel substrate is fixed
along [001] orientation to avoid rigid displacements. To eliminate the effect of
boundary conditions on the side faces, periodic boundary condition is added along
[010] and [100] orientation [15]. The model is divided into three layers as New-
tonian, thermostat and rigid atoms along 001

� �
orientation. Since the influence of

(100)

X

Y
(010)

(001) h

R

Ni indenter

D

Z
z=10.56nm

Fig. 1 Sketch of model

Fig. 2 The simulation model
(R = 15λ)
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temperature on dislocations is not considered in this work, microcanonical
ensemble is taken in the simulation processes. And the temperature of thermostat
atoms is controlled by rescaling the atoms velocities [16]. The initial temperature of
the matrix is 1 K. The speed of indenter belongs to 1–100 m/s normally [17] and in
this paper is defined as 20 m/s with the step time 2 × 10−15 s.

Interatomic interactions in classical molecular dynamics simulations are usually
represented by empirical potentials. It’s confirmed that the embedded-atom method
(EAM) potential proposed by Foiles et al. [18] is appropriated for Ni-Ni.

Technique to selectively visualize interior defects is very important in the ato-
mistic simulation of defect nucleation and evolution. Center symmetry parameter
(CSP) was chosen in this paper which had been proven effective for the visual-
ization of dislocation nucleation and evolution [19, 20]. For FCC crystals, the CSP
value of each atom could be defined by formula (1):

CSP= ∑
i = 1, 6

Ri +Ri + 6j j2, ð1Þ

where Ri stands for the nearest-neighboring atoms and Ri+6 stands for the opposite
ones. If there exists a defect in a material, the CSP value of the atoms in the vicinity
of the defects will be greater than the perfect ones. When the value is less than a
cutoff value, which is equal to 0.4, the corresponding atom will be eliminated from
visualizing the simulation results.

Discussion of Adhesive Force in Approaching
and Retrieving Processes

It is suggested that the work of adhesion could be expressed as the external work
done to separate unit area of the adhering surfaces [21, 22]. However, Fig. 3 shows
that the work of adhesion could be different during the approaching and retrieving
processes. The famous jump-to-contact phenomenon [12] was found when the
indenter approached the substrate. The sudden rise of the force is due to the
long-range interactions such as van der Waals forces. It began at h = 0.479 nm and
developed to the maximum value 110.096 nN at h = 0.169 nm. The equilibrium
distance at which the attractive force equals the repulsive force was D = 0.059 nN.

As shown in Fig. 3, there was a hysteresis in the force-displacement curve. The
force would have a drop when the indenter stopped pressing and began to retrieve.
It was easy to see that the force-displacements during the retrieving process were
different. Firstly, the adhesion force during the retrieving process is dependent of
the maximum normal displacement (Dmax), which means the pull-off force (Fpf)
differs with respect to the contact depth. As the contact depth increased, the pull-off
force to separate the adhering surface became bigger. It only needed 117.321 nN,
which is close to the maximum value of attractive force during the approaching
process, to pull off the indenter from the substrate when Dmax = 0.1408 nm. And it
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grew to −560.959 nN when Dmax = 1.2672 nm. Secondly, the location of the
pull-off force (hpf) occurred was also related to the maximum normal displacement.
Figure 4 gave the relationship between the Dmax and hpf. Note that hpf < 0 means
the location was under the up surface of the substrate while hpf > 0 means the
location was above the up surface. The Dmax−hpf curve indicated that the hpf
decreased as the Dmax increased and even became negative when Dmax > 1.1 nm.

The influence of the indenter radius was shown in Fig. 5. It is obvious that with
bigger radius of indenter, the adhesion force became larger both in the approaching
and retrieving processes. Also, the position where the maximum adhesion force
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occurred was different during the approaching and retrieving processes. It occurred
earlier with smaller indenter size.

Snapshots of the atomistic structures at the instants marked by α-ɛ in Fig. 3 were
given in Fig. 6 respectively. A neck was formed when the indenter was pulled off
the surface due to the work of adhesion. It is easy to understand that the larger Dmax

would induce more nucleation of dislocation, as shown in Fig. 6. Moreover, the
larger Dmax also caused much more atoms on the surface of the substrate adhere to
the surface of the indenter, which lead to larger pull-off force during separation.
Clearly, it is the deformation of the substrate which lead to the difference of the
adhesion force during the approaching and retrieving processes. The dislocation
nucleation, movements and annihilation during the approaching and retrieving
processes are responsible for the distinction of the force-displacement curves.

The effects of the maximum normal displacement on the work of adhesion are
analyzed using the following formula [8]

γ= −
2
3
Fpf

πR
ð2Þ

where γ is the work of adhesion. Using the JKR and DMT theories, which took
adhesion into consideration, we could get the relationship between applied load
(P) and contact radius (a). The formulas including the Hertz contact equations were
given by

a3JKR =
R
K

� �
P+ 3π γR+

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
6πγRP+ 3πγ Rð Þ2

q� �
ð3Þ

a3DMT =
R
K

� �
P+2πγRð Þ ð4Þ
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a3Hertz =
RP
K

ð5Þ

where K is the equivalent elastic modulus of the indenter and the substrate, given by

K=
4
3

1− μ1
E1

+
1− μ2
E2

� �− 1

ð6Þ

where E and μ are the Young’s modulus and the Poisson’s ratio respectively, and
subscripts 1 and 2 denote the indenter and substrate respectively. Figure 7 showed
the Influence of the work of adhesion γ on the contact radius in both JKR, DMT and

(a) Dmax=0.1408 nm

(b) Dmax=0.4224 nm

(c) Dmax=0.704 nm

Fig. 6 Atomistic structures
at the position where the
maximum pull-off force
occurred during retrieving
processes with different Dmax
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Hertz models, the results were compared with the atomistic simulation. The contact
radius in the simulation work was calculated based on the following formula

asimulation =
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
2RD−D2

p
ð7Þ

where D is the contact depth. It was suggested that the results of the atomistic
simulation were only close to the continuum theories at the early stage of the
contact process with shallow contact depth. And it seems that the value of γ is
the key to the errors between the atomistic simulation and continuum theories. If the
contact depth became deeper, there would be much deviation between the atomistic
simulation and continuum theories. Because of the neglect of plastic deformation,
all the continuum theories used in this paper might not be appropriate for the
contact status with larger normal displacement situation. Also, the continuum
theories might not take the work of dislocation nucleation, movements and anni-
hilation into consideration.

Conclusion

In this work, the adhesion force in nano-contact during approaching and retrieving
processes was studied and the continuum contact theories were compared with the
atomistic simulation. The conclusions are listed as follows

1. The work of adhesion in approaching and retrieving were different.
2. The maximum normal displacement contributed a lot to the pull-off force. As the

contact depth increased, the pull-off force to separate the adhering surface
became bigger

3. The deviation between the atomistic simulation and the continuum contact
theories was based on the value of γ, which was determined by the pull-off force.
It does mean that the contact depth would affect the results.

4. It need to take the maximum normal displacement into consideration to develop
a more accurate method to model the nano-contact situation. Especially, for the
larger contact depth with plastic deformation.
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Atomistic Simulations of Carbon Diffusion
and Segregation in α-Iron Grain
Boundaries

Mohamed Hendy, Tarek M. Hatem and Jaafar A. El-Awady

Abstract Polycrystalline materials’ mechanical properties and failure modes
depend on many factors that include segregation of different alloying elements as
well as its grain boundaries (GBs) structure. Understanding the parameters affecting
the diffusion and binding of alloying elements within GBs will allow enhancing the
mechanical properties of the commercial engineering materials and developing
interface dominant materials. In practice, the coincidence site lattice (CSL) GBs are
experiencing deviations from their ideal configurations. Consequently, this will
change the atomic structural integrity by superposition of sub-boundary dislocation
networks on the ideal CSL interfaces. For this study, ideal ∑3 GB structures and
their angular deviations in BCC iron within the range of Brandon criterion will be
studied comprehensively using molecular statics (MS) simulations. GB segregation
energy and free surface segregation energies are calculated for carbon atoms.
Rice-Wang model will be used to assess the embrittlement impact variation over the
deviation angles.
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Introduction

Mechanical properties and failure modes of steels depend on many factors that
include segregation of different alloying elements as well as its grain boundaries
(GBs) structure [1]. Understanding the parameters affecting the diffusion and
binding of alloying elements within GBs will allow enhancing the mechanical
properties of the commercial engineering steels and developing interface dominant
materials [2]. Some of the elements dissolved in iron lead to enhancing the strength
of steel, on the other hand others can degrade the toughness of steel significantly
[3]. Being the main alloying element in steel, carbon segregation to different GBs is
of ultimate importance.

Overall strength of steel can be greatly controlled through GB cohesion and
strengthening. Several studies have been performed in this area. Many numerical
studies indicated that carbon increases the cohesion at GB [4, 5]. It is of great
importance to mention that the local structure within GB affects the segregation
energy. First principle calculations have indicated that strong covalent bond is
created between carbon and iron atoms at GB. Experiments showed that segrega-
tion of carbon to GBs of steel hinders grain coarsening and interface sliding leading
to a steel alloy with ultrahigh strength of 7 GPa [6]. This is due to the role of carbon
in decreasing GB energy that results in reducing the driving force for grain
coarsening. Carbon segregation at nanocrystalline ferrite GBs, gives the material
high thermal stability upon annealing.

Advancements in the field of grain boundary segregation engineering (GBSE)
proved that GB segregation can be used as a microstructure design method since
solutes affect the structure, phase state and atomic bonds within the steel interface
[7]. Experiments in the field of GBSE indicated that deviated structures from
coherency are common, even the most coherent GBs can contain deviated portions,
where the alloying elements and impurities segregate and alter the GB mechanical
properties. As a consequence, considering GB deviated and defected structures is of
great importance since many cases ideal CSL GBs not formed; rather a deviation
from the misorientation angle exists. Exponential property changes can occur if the
GB plane is misaligned by only a few degrees from its most coherent position [7].
Deviant GBs are still considered CSL if the deviation angle is lower than a certain
value for each ∑ indicated by Brandon [8]. The deviations introduce dislocation
superimposing the GB and are associated with partial dislocations or elastic strain.
Different deviation angle alters the trapping sites for impurities by changing the
structural integrity of the grain boundary. This will affect segregation tendency of
the impurity atoms to the grain boundary. It was showed experimentally using atom
probe tomography that changing the deviation angle affects the carbon percentage
segregated to the grain boundaries. It has been shown that the segregation values for
Σ3 (112) is sensitive to the angular deviations [6]. No prior atomistic study
examined the effect of carbon segregation to deviated GB structures within Brandon
criteria. This study aims to investigate the effect of deviation angles from the ideal
CSL structure for three different common symmetrical tilt grain boundaries (STGB)
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∑3 (111), ∑3 (112) and ∑5 (310) on carbon segregation and the cohesive energy
changes due to carbon segregation to these interfaces.

Methodology

The concept of deviation from ideal CSL is shown in Fig. 1. Angle (ϴ) represents
the misorientation angle between the two grains. If the one of the two grains,
forming the bi-crystal, is rotated relative to the other by a deviation angle (ϕ)
around the Z-axis, the GB will still be regarded as CSL structure. Nevertheless,
increasing ϕ above a certain limit causes the GB to lose its special character. In
order to determine the deviation angles to be studied, it should be mentioned that
Brandon criterion sets the maximum deviation angle from the ideal CSL configu-
ration above which the structure no longer preserve the CSL structure. The maxi-
mum deviation angle can be calculated according to Brandon criterion through
Eq. (1):

θmax = θ
◦
∑− 0.5 ð1Þ

where θmax is Brandon limit, θ
◦
is Brandon limit constant approximately equals to

15° and∑ is Reciprocal value of the CSL density, therefore the equation is function
of ∑ only. For ∑3 grain boundaries the Brandon limit is 8.66°. Hence the chosen
deviation for ∑3 grain boundaries are 5°, 9°, where 9° represents the extreme case
of Brandon criteria.

Fig. 1 Left: Bi-crystal simulation cell. Right: GB structure of ideal CSL sigma 3 (111) where ϴ
represents the misorientation angle between the two grains and ϕ is the deviation angle

Atomistic Simulations of Carbon Diffusion and Segregation … 325



Molecular statics (MS) simulations are performed using LAMMPS [9] with
embedded atom method (EAM) potential developed by Veiga et al. [10]. The
interatomic potential was developed to study of low concentrations of carbon in
ferritic solid solution.. Bi-crystal cubic simulation cells are modeled with dimen-
sions of 20 × 20 × 20 nm as shown in Fig. 1. Free surface boundary conditions
were employed along the three-directions since the periodicity cannot be preserved
for the deviated structures. For the current MS simulations, the simulation cells
dimensions are sufficient to eliminate the free surface effect while computing the
values of GB segregation energy. In order to define the two crystals geometrically,
the first grain is defined with its GB plane normal and axis of rotation, then the
second grain is rotated around this axis with angle equals to the sum of the
misorientation angle (ϴ) and the deviation angle (ϕ) as shown in Fig. 1. For ideal
GB structures, deviation angle is 0°, while for the deviated structures, the deviation
angle has values higher than 0° up to Brandon limit. In the cuurent simulations, GB
plane normal is taken to be in the Y-direction, while the rotational axis in the
Z-direction.

Carbon is inserted at distance 15 Angstrom from GB plane at the octahedral site,
which is the most preferable interstitial site for carbon accommodation. At each
certain distance from GB, the simulation is done many times with carbon at dif-
ferent position on X and Z directions to reduce the experimental error. The aim of
MS technique is to minimize the potential energy of the system, though a numerical
iterative process. In order to reach the minimum energy configuration, the coor-
dinates of each atom are iteratively adjusted. The iterations are completed, when
satisfying one of the ending criteria. The ending criteria chosen are either the
change of the system energy is lower than 10− 6 or it can be terminated after 10000
iterations. The minimization is done at 0 K using the conjugate gradient (CG)
algorithm (Polak-Ribiere version).

As a result of the different orientation of the two grains intersecting at GB, many
atoms overlap resulting in an unphysical system with high energy. In order to reach
the optimum configuration of the system with global minimum energy, the over-
lapping atoms should be eliminated. Hence a certain cut off radius under which the
close atoms are removed should be determined. A certain criterion [11] is to
examine all the cut off radii between 0.0275α and −0.7α (where a is the lattice
constant) with increment of 0.05 until reaching the most relaxed structure with
minimum energy.

For each GB structure carbon segregation to GB and the surface corresponding
to each GB are calculated. GB and surface segregation are required to be quantified
to compare the preference of carbon segregation to grain boundary or surface. This
will allow to determine the enhancing effect of carbon regarding each GB according
to Rice-Wang model as it will discussed later. Eq. 2 is used to calculate GB
segregation energy.
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Eα
segGB = ðEα

GB −EGBÞ− ðEα
bulk −EbulkÞ ð2Þ

where Eα
segGB is the GB segregation energy, Eα

GB is the total energy of the simulation
cell with GB and carbon atom allocated at an interstitial octahedral site of the GB,
EGB without carbon, while the Eα

bulk and Ebulk are the total energy of the corre-
sponding single crystal system with and without carbon respectively. The term
ðEα

bulk −EbulkÞ represents the bulk segregation of carbon. It is put in the equation of
grain boundary and surface segregation in order to measure all the segregation
energy relative to the bulk segregation to allow for better comparison.

Carbon segregation to the free surface for each GB structure is also calculated. It
is important to calculate the surface segregation as well as the GB segregation to
establish the relation between the deviation angle and the change in the GB
cohesive energy. Carbon tendency to bind with these free surfaces are calculated
through determining the carbon free surface segregation energy using Eq. 3:

Eα
segFS = ðEα

FS −EFSÞ− ðEα
bulk −EbulkÞ ð3Þ

Eα
segFS is the carbon free surface segregation energy, Eα

FS is the total energy of the
free surface single crystal system with carbon atom allocated at an interstitial
octahedral site and EFS is the corresponding system without carbon addition.

Rice-Wang model will be adopted in order to compare quantitatively the effect
of GB segregation of carbon to the different deviated structures from ideal CSL.
Moreover, this model will allow predicting the change in cohesive energy for each
GB structure due to carbon segregation. A positive change in the cohesive energy
means a strengthening effect for carbon at this GB structure. Rice and Wang model
describes intergranular embrittlement mechanism through the contest between
brittle boundary separation and plastic crack blunting. According to Rice and Wang
model [12], the ability of an impurity atom to reduce the Griffith work of a grain
boundary is a linear function of the difference in the binding energies at the grain
boundary and free surface of this impurity atom. Generally, if the impurity atom
tends to segregate to free surface rather than the GB, the impurity atom will cause
the embrittlement of the material and enhance the intergranular fracture. On the
other hand, if the impurity atom tends to segregate to the grain boundary rather than
the free surface, the impurity atom will enhance the cohesion of the grain boundary
and as a consequence the strength of the material and the creep resistance will be
enhanced. According to this model, The change in cohesive energy or embrittle-
ment potency can be calculated as indicated by Eq. (4).

Eα
SE = ðEα

FS −EFSÞ− ðEα
GB −EGBÞ

=Eα
segFS −Eα

segGB
ð4Þ

where Eα
SE is the change in cohesive energy or the strengthening energy due to

segregation of one carbon atom to the GB and it is equal to the difference between
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average GB segregation and average free surface segregation for carbon. If the
value of Eα

SE is positive then the impurity atom enhance the cohesive strength of the
grain boundary. This model will provide a powerful tool to compare the cohesive
enhancement of each GB structure due to carbon segregation. Also, the effect of the
deviation angles on the change in cohesive energy of those interfaces can be
constructed easily.

Results

The GB segregation energy of carbon is calculated within the ideal and deviated GB
structures using MS simulations. Extensive simulations have been made for these
GB models over different distances from the GB plane. The results are summarized
in Fig. (2) and statistical analysis has been made for segregation energy results at
each distance level from the GB plane, where the mean of each data population is
estimated at 95% confidence level. For ∑ 3 111ð Þ GB, All the segregation energy
results among the tested deviation angles showed that GB is preferable location for
segregation and binding since there is significant reduction in segregation energy as
carbon atom position approaches a bulk site. In addition, the segregation behavior is
affected by the angular deviations from the (111) ideal symmetry plane. For
∑ 3 112ð Þ GB, ideal and 5° deviated structure showed less preference for carbon,
while 9° showed more binding sites.

In order to compare GB segregation of the different deviated structures from
ideal CSL, average GB segregation energy is calculated by considering the values
of segregation energy between −2 to + 2 Angstrom along the GB plane. The results
show that angular deviation from the ideal symmetry plane has an observable effect
on the segregation energy. The average GB segregation energy for the studied GBs
and their deviations are shown in Fig. (3). For ∑ 3 111ð Þ GB, It is clear that the
average GB segregation energy values increase as the deviation angle increases
from 0° to 9° indicating less binding of carbon to GB region compared to the ideal
one. Increasing the deviation angle to 9°, the average GB segregation energy
decreases again with a value slightly lower than 5° structure. On the contrary, for
∑ 3 112ð Þ GB, it is observed that the average GB segregation energy value decrease
as the deviation angle increases indicating a higher tendency for carbon to segregate
to GB as the deviation increase. The most significant increase in GB segregation
energy is for the 9° deviation configuration (slightly higher than Brandon limit) to
reach −0.6 eV. GB segregation energy value at 9° is six times higher than the value
for the ideal structure indicating that for ∑ 3 112ð Þ GB, exceeding Brandon limit
alters the segregation properties considerably. Comparing the GB segregation
values for ∑ 3 112ð Þ and ∑ 3 111ð Þ GBs, it is obvious that generally ∑ 3 111ð Þ GB
is more preferred for carbon segregation than ∑ 3 112ð Þ GB within GB structures
ranging from 0° to 5°. Deviated 9° is the only structure that GB segregation for
∑ 3 112ð Þ is lower than ∑ 3 111ð Þ.
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Fig. 2 GB segregation energy (ev) versus distance along GB plane (Angrstom) for the studied
ideal and deviant structure showing less preference sites for carbon (higher segregation energy) for
a ∑ 3 112ð Þ GB compared to b ∑ 3 111ð Þ GB

Fig. 3 Average GB segregation energy (ev) versus deviation angle showing decrease in avg.
segregation energy for ∑3 (111) and increase for ∑3 (112) compared to ideal
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Due to the difference in the deviation angle for each GB structure, the orientation
of the free surface laying in the orthogonal direction to GB plane varies over each
GB structure. Hence, the carbon free surface segregation energy is calculated for
ideal CSL structure as well as the other deviation angle structures. A single carbon
atom at the octahedral site is placed near the free surface to calculate the free surface
segregation energy. The positions are varied in different simulations to eliminate the
statistical error. The results of the free surface segregation energy are shown in
Fig. (4). For the free surface corresponding to∑ 3 111ð Þ GB, It can be observed that
the highest free surface segregation preference (lowest segregation energy) for
carbon is to segregate to 9° deviation free surface, followed by the ideal free

Fig. 4 Average surface segregation energy (ev) versus deviation angle showing decrease in avg.
segregation energy for ∑3 (112) compared to ideal, for ∑3 (111) it shows increase at 5° then
decrease at 9°

Fig. 5 Change in cohesive energy (strengthening energy) (eV) versus deviation angle showing
decrease in strengthening energy for ∑3 (111) with increasing deviation angle, for ∑3
(112) strengthening energy increase with increasing deviation angle compared to ideal
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surface. For the free surface corresponding to ∑ 3 112ð Þ GB, the value of the
average free surface segregation corresponding to ideal is the highest. Upon
increasing the deviation angle, free surface segregation energy decrease. The
highest free surface segregation preference is observed for the free surface of 9°
deviation GB similar to ∑ 3 111ð Þ GB. The results of the change in cohesive energy
vs deviation angle is shown in Fig. (5). For ∑3 (111), increasing the deviation
angle showed a lower cohesive energy enhancement compared to the ideal, how-
ever still have a beneficial effect of GB structures. For ∑3 (112) GB, all the deviant
structure have higher strengthening energy compared to the ideal one. 9° deviant
structure showed the highest beneficial effect.

Conclusion

Small deviation angle from the ideal misorientation angle of CSL configuration for
∑ 3 111ð Þ and ∑ 3 112ð Þ altered the segregation and binding of carbon to those GBs
and their corresponding free surface. With the aid of Rice-Wang model, it was
shown that carbon segregation to all the studied ideal and deviant structures has a
beneficial effect on the cohesive energy of the GBs. Deviation angle has an
observable effect on the strengthening energy of the GBs studied. ∑ 3 111ð Þ and
∑ 3 112ð Þ GB showed different responses to increasing the deviation angle. For
∑ 3 111ð Þ, increasing the deviation angle resulted in decreased strengthening energy
compared to the ideal structure. An opposite behavior is observed for ∑ 3 112ð Þ that
increasing the deviation angle leaded to increased strengthening energy relative to
the ideal structure.
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Microstructure Prediction for TMW-4M3
During Heat Treatment

Takaaki Hara, Shinichi Kobayashi, Tomonori Ueno,
Nobufumi Ueshima and Katsunari Oikawa

Abstract The alloy TMW-4M3 has been developed as a novel cast and wrought
alloy based on a concept of combining Ni-base and Co-base superalloys. This alloy
contains higher amounts of Co and Ti than Alloy 720Li. For practical applications,
it is very important to control the size and distribution of γ’ phase as an intended
microstructure. However, precipitation behavior of this type of alloy greatly
depends on heat treatment conditions. In this study, we made a modification to the
thermodynamic database in order to obtain reasonable γ/γ’ phase boundary in the
range of high Co composition. By using it, both the nucleation rate calculation
based on classical nucleation theory and the microstructure evolution prediction
based on the phase field method were applied to the precipitation of intragranular γ’
particles during the heat treatment process. The simulated microstructures under
different temperature history conditions agree well with experiments in both the size
and the morphology of γ’ precipitates.
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Introduction

1TMW-4M3 is a Ni-Co base superalloy developed for applications of turbine disks
and other components by the National Institute for Material Science in Japan [1]. As
shown in Table 1, this alloy is similar to Alloy 720Li in composition, but has larger
amounts of Co and Ti. Therefore, the control of γ’ precipitates is very important in
order to obtain the required mechanical properties. However, precipitation behavior
of γ’ precipitates in this alloy greatly depends on heat treatment conditions [2].

That is why it takes a long time to find the most appropriate manufacturing
conditions for making an intended microstructure. In this work, we have suggested
the numerical modelling of microstructure evolution for TMW-4M3 during heat
treatment process to accelerate the alloy designing process. Both nucleation cal-
culation based on classical nucleation theory (CNT) and microstructure prediction
based on multi-phase-field model coupled with the calculation of phase diagram
(CALPHAD) approach were applied to the evolution of γ’ particles during heat
treatment process [3–5]. First, the thermodynamic database was assessed for phase
boundaries and driving force evaluation. In microstructure prediction, we have
calculated nucleation various nucleation rates in accordance with different cooling
conditions, and then γ’ precipitation and its evolution have been numerically
analyzed with them. The computed microstructures were compared with the
experimental results.

Experiments

A heat treatment experiment was conducted to study precipitation behavior of γ’
phase [2]. Test pieces were from forged disk of TMW-4M3. First, solution treat-
ment (ST) under subsolvus condition was carried out with two different tempera-
tures (1373.15 and 1408.15 K), and then two different cooling rates were applied.
One is the rapid cooling condition (RC) and the other is slow cooling condition
(SC). Finally, a double aging process followed (923.15 K/24 h + 1033.15 K/16 h).
The microstructures after the heat treatment process are shown in Fig. 1. Larger
particles are secondary γ’ and smaller particles are tertiary γ’. These are all

Table 1 Nominal compositions of TMW-4M3 and Alloy 720Li (wt%)

Alloy Ni Co Cr Mo W Ti Al C B Zr

TMW-4M3
720Li

Bal.
Bal.

25.0
15.0

13.5
16.0

2.8
3.0

1.2
1.3

6.2
5.0

2.3
2.5

0.015
0.015

0.015
0.015

0.03
0.03

1
“TMW” is a trademark of National Institute for Materials Science registered in Japan.
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intragranular precipitates and have precipitation strengthening effect. The size of
secondary γ’ particle was larger with higher solution temperature and slower
cooling rate.

Numerical Simulation and Results

Thermodynamic Database

For the calculation of the γ’ precipitation behavior during cooling process, it is very
important to know how much solute elements are contained in the γ matrix, which
is defined by the heat treatment temperature and the γ’ solvus temperature.
Therefore, the thermodynamic database used for microstructure prediction is
desired to reproduce the solvus temperature of γ’ phase precisely. Under the
metastable conditions, the computed γ’ solvus temperature was 1485.15 K calcu-
lated by Thermo-Calc software and ThermoTech TTNI8 database [6, 7]. However,
this is about 20 K higher than the experimental result. We assumed it is because
TMW-4M3 has larger amount of Co and Ti than standard Ni base superalloys.
From the comparison between the calculated Ni-Co-Ti ternary phase diagram at
900 °C and recent experiment data, we found that solubility of γ phase is narrow
and phase boundary related to η phase is different from experiments [8]. In order to
fill these gaps, modified formation energy of η and γ’ phase and interaction energy
of γ phase in Ni-Co-Ti systems were introduced to TTNI8. We can see that the
calculated γ’ solvus temperature of TMW-4M3 with the modified parameters shows

(ST)1373.15 K (ST)1408.15 K

Rapid cooling (RC) Slow cooling (SC) Rapid cooling (RC) Slow cooling (SC)

200nm

Fig. 1 Microstructures of TMW-4M3 after aging treatment. Bigger particles are secondary γ’
(black arrow) and smaller particles are tertiary γ’ (white arrow)
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Fig. 2 Comparison of γ’
solvus between calculation
results (black bar) and
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good agreements with experiments (see Fig. 2). The predicted γ’ solvus of
TMW-4M3 is 1467.15 K, which is quite close to experimental results.

Nucleation Rate Calculation

On the basis of classical nucleation theory, we predicted γ’ nucleation behavior
during cooling process after solution treatment. The calculated nucleation rate of γ’
precipitates for the condition of (ST) 1373.15 K + RC is shown in Fig. 3. There
are two peaks of nucleation. Precipitated γ’ particles at high temperature easily
grow up to large size because diffusion of solute elements would be faster.
Therefore, first peak is corresponding to secondary γ’, and then the second broad
peak from 1100 K to 800 K is thought to be tertiary γ’. In this study, a
two-dimensional calculation of microstructure prediction was applied to save
computation time. Then, we converted the calculated three-dimensional nucleation
rate to a two-dimensional value with the same average internuclear distance and
applied it to a microstructure evolution simulation.

Microstructure Prediction

The precipitation strengthening effect in TMW-4M3 is mainly caused by secondary
γ’ precipitates [9]. Then, two-dimensional calculation by multi-phase-field model
was applied to the evolution of secondary γ’ precipitates during the heat treatment
process with MICRESS software [10, 11]. We used the microscopic simulation
domain of 600 nm square with grid size of 4 nm and interface width of 16 nm. All
boundaries were periodical condition. The whole area was assumed as the single
phase of the γ matrix in the initial condition. This is because secondary γ’ particles
appear among the intragranular area. As for γ/γ’ interface, we introduced the
Arrhenius type temperature dependent mobility considering the diffusion coefficient
of Al in Ni [12]. The interface energy was also calculated on the basis of extended
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Fig. 3 Calculated nucleation
rate of γ’ precipitates during
cooling process for
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Becker’s model [13]. The predicted microstructures after aging treatment process
are summarized in Fig. 4. Each feature of the γ’ shape anisotropy tendencies were
captured well in accordance with different heat treatment conditions. Moreover, the
mean precipitate diameters of the γ’ phase after aging treatment process were
investigated. Each average particle size was calculated as an equivalent circle
diameter. For all conditions, computed size of secondary γ’ precipitates shows good
agreement with an uncertainty of 10%.

Conclusion

To accelerate the alloy designing process, we have developed a technique to predict
the γ’ distribution of TMW-4M3 by using nucleation calculation on the basis of
classical nucleation theory and microstructure evolution on the basis of the
multi-phase-field method. As for thermodynamic database, modified parameters by
reflecting large amount of Co and Ti were introduced, which lead to good pre-
diction of γ’ solvus temperature. Then, characteristic multimodal nucleation
behavior during the cooling process can be predicted. Moreover, the simulated
microstructures under different temperature history conditions agree well with
experiments in both the size and the morphology of γ’ precipitates. We can use this
technique as a prior evaluation for trial production of actual alloys and expect alloy
design processes to be accelerated.
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Study on the Effect of Die Coating
Thickness on the Interfacial Heat Transfer
Coefficient in Squeeze Casting
of Aluminum Alloy

Feifan Wang, Xuyang Wang, Keyan Wu and Zhiqiang Han

Abstract The effect of die coating thickness on the heat transfer at the metal-die
interface in squeeze casting process was studied, where the interfacial heat transfer
coefficient (IHTC) was determined by applying an inverse approach based on the
temperature measurements inside the mold. The acquired data were processed by a
low pass filtering method based on Fast Fourier Transform (FFT). The die coating
used in these experiments was water-based graphite which was sprayed onto the
surface of the die cavity. The die coating thickness was measured by using TT260B
coating thickness gauge. The results showed that the peak and average value of the
IHTC increased with the increasing of the die coating thickness when the die
coating thickness was less than 32 μm. When it was more than 32 μm, the peak and
average value of the IHTC decreased with the increasing of the die coating
thickness. Besides, the effect of the applied pressure on the IHTC was getting
smaller as the die coating thickness increased.

Keywords Squeeze casting ⋅ Interfacial heat transfer coefficient
Pressure ⋅ Die coating thickness

Introduction

The application of lightweight components in the automotive industry contributes
to reduce fuel consumption and CO2 emissions. The utilization of lightweight
components whose materials are mainly aluminum and magnesium alloys in the
automotive industry has therefore significantly increased in past few years. How-
ever, there are many defects generated in castings during solidification, such as gas
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pore, shrinkage and cold shut. These defects deteriorate the mechanical properties
of the casting components, which limits the application of light-weight alloys.
Thus, squeeze casting which is a casting technology of near net shape method has
received more and more attentions due to the high integrity, fine grain size, and
superior mechanical properties [1–3].

In casting, it is well established that the microstructure and the mechanical
properties of solidified alloys depends on the rate of solidification. In squeeze
casting process, heat removal from the molten alloy proceeds through a layer of
solidified alloy, the casting-die interface and then through the die. With a metallic
die, heat exchange effect is usually governed by the properties of the casting-die
interface, which is characterized by the IHTC. In squeeze casting, the coating
separates the die surface from the casting surface. As a result, the ejection of the
casting after the completion of solidification can be done smoothly. Besides, the die
coating is a thermal barrier which has an influence on the heat extraction during
casting solidification. Because the thickness of coating is important, it should be
one of the key parameters by which the IHTC is affected. Knowledge of the IHTC
is of great benefit for simulating the solidification, understanding the effect of the
process parameters and controlling the microstructure of castings [4–7].

It is known that a coating offers a resistance to heat transfer due to its thermal
conductivity. The thermal resistance due to various coatings can be linked to their
composition and thickness. An effort to estimate the effect of a coating on heat
transfer requires a close examination of each of the aforementioned properties.

A few steady-state coating investigations provide some understanding of the
effect of coating thickness and composition on the IHTC. Griffith and Hallam [8]
and Broucaret et al. [9] found slight differences in IHTC between graphite-based
coatings and those based on ceramic. Hamasaiid et al. [10] established the rela-
tionship of the heat flux, the peak value of the IHTC and the coating thickness.
However, all the studies above focused on gravity die casting and high pressure die
casting. For squeeze casting, the studies on the die coating has not been reported
yet.

In present paper, the die coating used in the experiments was water-based gra-
phite which was sprayed manually onto the surface of the die. As a result, the
present paper mainly discussed the effect of coating thickness on the IHTC.

Experiment Procedure and Estimation of IHTC

Experiment Procedure

In these experiments, direct squeeze casting (DSC) process was adopted. The
aluminum alloy casting was cast in H13 steel die. The dimension of this casting was
140 × 90 × 30 mm.
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The interfacial heat transfer coefficient (IHTC) was estimated by using an
inverse method. The accuracy of the estimated result is strongly dependent on the
measured temperature, so the temperature measurement procedure must be well
designed to meet the requirement of the accurate determination of the IHTC. In
order to acquire accurate temperature readings, a special temperature sensor unit
was designed in the present study. Six 1-mm-wide and 1-mm-deep grooves were
machined in the sensor unit for the placement of the thermocouples. Each groove
was machined to terminate at a particular distance (1, 3, and 6 mm) from the front
end of the sensor unit. The thermocouple tip was welded to the end wall of the
groove by stored-energy welding in order to maintain a perfect contact with the
temperature measurement point. In order to prevent the welded thermocouples from
falling off, high temperature resistant inorganic adhesive was filled in the grooves.
The temperature sensor unit was manufactured using the same material as the die to
ensure that the heat transfer process would not be distorted.

The die coating used in these experiments was water-based graphite which was
sprayed onto the surface of the die cavity. The die coating thickness was measured
by using TT260B coating thickness gauge. The die material was H13 steel. A data
acquisition system manufactured by Integrated Measurement Corporation (IMC,
Berlin, Germany) was used during the experiment with a sampling frequency of
200 Hz.

Before pouring, the dies were pre-heated to 483 K (210 °C) using four heat
cartridges installed inside the lower die. The experimental procedure included
spraying the die coating onto the die cavity surface, measuring the temperature of
the molten aluminum alloy before pouring using a sheathed thermocouple, pouring
the melt into the lower die, closing the dies, squeezing solidification with the
applied pressure, opening the dies, and ejecting the casting.

Estimation of IHTC

Due to the high sampling frequency of the data acquisition system which was set as
200 Hz, the high-frequency noise components (usually 40–50 Hz) in the temper-
ature and pressure measurements were also measured and inevitably included in the
acquired data. In order to eliminate the negative effect of these high-frequency noise
components on the analysis of the IHTC, a low pass filtering method based on Fast
Fourier Transform (FFT) was adopted to process the data. The detail of the data
processing method was discussed in Ref. [11].

Due to the fact that the thickness of the casting was relatively small than the
other dimension of the casting (width and length), the following assumptions were
made during the estimation procedure: (1) the heat transfer is one-dimensional;
(2) the casting center is adiabatic; and (3) the initial temperature of the casting
equals the melt temperature. As a result, the inverse method was adopt in this paper
to estimate the IHTC. Detailed description of the inverse method can be found in
Ref. [11].
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Results and Discussion

In the experiments shown in Fig. 1, the castings in Case 1, 2 and 3 were solidified
under applied pressure of 70, 46 and 23 MPa, respectively. The initial die tem-
perature of Case 1 was 503 K (230 °C) and the initial die temperature of the other
three cases was 523 K (250 °C). The pouring temperature of the three cases was
933 K (660 °C).

As shown in Fig. 1, before the pressure was applied, the IHTC of the three cases
had little difference because of the same conditions for the solidification. At the
beginning stage of the pressure applying, the IHTC of all the three cases with
applied pressure underwent an abrupt increasing stage and reached their peak value,
as shown in Fig. 1. The higher the applied pressure, the higher the peak value of the
IHTC. Immediately after the pressure was applied, the IHTC decreased.

As shown in Fig. 1a, the IHTC profiles was sensitive to the variation of the
applied pressure, when the die coating thickness was 32 μm. After the pressure was
applied, there was a large difference in the profiles of the IHTC under different
applied pressure. However, the sensitivity of the IHTC to the change of the applied
pressure became very low, when the die coating thickness was 136 μm. The dif-
ference in the profiles of the IHTC under different applied pressure was almost
eliminated, as shown in Fig. 1b. As shown in Fig. 2, when the die coating thickness
reached 136 μm, the variation of the peak and the average value of the IHTC
became smaller and smaller with the increasing of the die coating thickness.

In these experiments, the roughness of the die surface was about 25–50 μm.
When the die coating was 32 μm, it was mainly used to fill the gap between the
casting and die. This would enhance the heat transfer at the casting-die interface, as
shown in Fig. 3b. However, when the die coating thickness was 136 μm, a thick
coating layer was formed between the casting and die, as shown in Fig. 3c. Its
thermal resistance became the dominant factor affecting the interfacial heat transfer.

Fig. 1 IHTC under different pressure: a the die coating thickness was 32 μm; b the die coating
thickness was 136 μm
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As shown in Fig. 2, the peak and average value of the IHTC increased with the
increasing of the die coating thickness when the die coating thickness was less than
32 μm. When it was more than 32 μm, the peak and average value of the IHTC

Fig. 2 a The peak value and b the average value of the IHTC under different condition of the die
coating thickness
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decreased with the increasing of the die coating thickness. The peak and the average
value of the IHTC reached their maximum value when the die coating was 32 μm. It
meant that the heat exchange effect was the best when the die coating was 32 μm.

As shown in Fig. 3a, if the die coating was not used, the gap between the casting
and die was fill with air. When the die coating was used in these squeeze casting
experiments, the graphite was squeezed into the gap between the casting and die, as
shown in Fig. 3b. As the conductivity of the graphite was much larger than air, the
heat transfer effect of the casting-die interface was improved. When the die coating
thickness was less than 32 μm, the thicker the die coating was, the more graphite
was squeezed into the gap. As a result, the heat exchange effect was getting better.
However, when the die coating thickness was more than 32 μm, the gap was almost
full of graphite, the coating layer began to form. As the thickness of the coating
layer increased, the contact status of the casting and die became worse and worse.
The heat exchange effect became worse and worse.

Fig. 3 Schematics of the casting-die interface: a no coating; b the die coating was thinner; c the
die coating was thicker
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Conclusions

1. The peak and average value of the IHTC increased with the increasing of the die
coating thickness when the die coating thickness was less than 32 μm. When it
was higher than 32 μm, the peak and average value of the IHTC decreased with
the increasing of the die coating thickness.

2. The difference of the peak value of the IHTC under applied pressure of 70, 46
and 23 MPa was getting smaller as the die coating thickness increased.

3. When the die coating thickness was about 32 μm, the applied pressure had great
influence on the average value of the IHTC and the one under applied pressure
of 70 MPa was much higher than the ones under applied pressure of 46 and
23 MPa. As the die coating thickness increased, the difference of the average
value of the IHTC under applied pressure of 70, 46 and 23 MPa was getting
smaller.
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Study on the Effect of Applied Pressure
on Directional Dendritic Growth
by In-Situ Observation

Shan Shang, Keyan Wu, Leewei Kuo and Zhiqiang Han

Abstract A custom experimental apparatus was designed to realize the in-situ
observation of dendritic growth under pressure in directional solidification of model
material, succinonitrile. The evolution of dendritic growth under ambient pressure
ðP0Þ and pressure of 3.0 MPa (P) was captured by a high-speed microscope and
compared by analyzing qualitative distinctions in morphology and the quantitative
ones in tip velocity and SDAS. Qualitatively, increased pressure promotes dendrite
growth in directional solidification, elevating growth velocity and facilitating the
burgeoning and growth of secondary arms, resulting in longer and more developed
dendrites and much smaller SDAS. Quantitatively, the average tip velocities under
P0 and P are 14.5 μm/s and 29.8 μm/s, respectively, with 100% rise when growing
under pressure P. Moreover, the SDAS is 50.3 μm and 30.2 μm, respectively,
declining by 40% when solidified under pressure P. This phenomenon can be
attributed to the effect of pressure on melting point and its destabilizing effect on
S/L interface.

Keywords Pressure ⋅ Dendritic growth ⋅ In-situ observation
Directional solidification ⋅ Succinonitrile (SCN)

Introduction

Squeeze casting is an advanced near-net-shape materials processing technology, in
which liquid metal solidifies under applied pressure, making products with excel-
lent final microstructure and thus mechanical properties [1, 2]. It has been reported
that in squeeze casting process, pressure has a great influence on dendritic growth,
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such as growth velocity, secondary dendritic arm spacing (SDAS) and grain size
[3–7].

It is of significant importance to understand the mechanism how pressure
influences microstructure evolution. However, researches so far have not realized
in-situ observation of dendritic growth of metals when solidified under pressure,
due to the opacity of metal and limit of experimental approach available. Fortu-
nately, transparent model materials, such as succinonitrile (SCN), has been selected
as substitute to accomplish in-situ observation [8–10]. Koss et al. [11, 12] carried
out a series of experiments to study the response of equiaxed dendritic growth of
SCN to applied pressure in a uniform temperature bath. It was stated that tip
velocity rose while radius decreased with pressure, due to the change in equilibrium
melting temperature according to the Clapeyron effect [13], and the initiation of
side branches were also facilitated by pressure, owing to the destabilizing effect of
pressure on interface. Nevertheless, almost all of those investigations take single
equiaxed dendrite as research object, and seldom research on how pressure influ-
ences columnar dendrite during directional solidification has been executed.

In this work, a novel experimental apparatus inspired from the apparatus of
direct squeeze casting was established to accomplish the in-situ observation of
dendritic growth under pressure in directional solidification. The dendritic growth
evolution of SCN solidified at ambient pressure was captured and compared with
that under pressure of 3.0 MPa, by analyzing dendritic morphology, tip velocity
and SDAS qualitatively and quantitatively under the two conditions. Moreover, the
corresponding reason behind was discussed.

Experiments Description

In this work, SCN which is a transparent BCC material with a nominal melting
point of approximately 58 °C, making it a convenient model material for in-situ
observation of dendritic crystal growth, has been selected as the research objective.
In order to realize the in-situ observation, a custom experimental setup inspired
from the apparatus of direct squeeze casting was designed. The whole experimental
apparatus contains five parts, that is, the mould, pressure-controlling system,
temperature-controlling system, data acquisition system and observation system.
Firstly, the mould, made of stainless steel, contains punch (Φ15 mm in diameter
and 56 mm in height) and lower mould (40 mm × 40 mm × 85 mm), forming a
cylindrical growth chamber (Φ15 mm in diameter) for SCN. The pressure-con-
trolling system is composed of a digital pressure-controlling system refitted by a
tensile test machine and featured by computer close-loop control, which can
modulate the applied pressure on liquid SCN accurately, via a pressure sensor in the
machine and connected to the punch. The two-way temperature-controlling system
controls the temperature of upside and downside of lower mould by corresponding
heaters, forming a temperature gradient in the lower mould and thus increasing
temperature from bottom to up in the SCN. The pressure and the temperature of
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liquid SCN can be measured via corresponding sensors and recorded by a precise
data acquisition system manufactured by Integrated Measurement Corporation
(IMC, Berlin, Germany). Finally, the dendritic growth of SCN can be observed and
recorded through the observation system. The view window is built by two
transparent cuboid sapphire, generating a laminar gap with 0.5 mm in thickness, i.e.
the observable growth chamber. Along the observation direction, the dendritic
growth can be observed intuitively through the view window and captured by a
high-speed microscope (NAC Memrecam HX-6), as long as bright light through the
sapphire window.

In this work, the dendritic growth of SCN at ambient pressure P0 was compared
with that under P = 3.0 MPa. The sequence of present experiment of crystal
growth is as follows. At first, the upside-downside temperature of lower mould was
set to be 60–51 °C by the temperature-controlling system, forming a temperature
gradient in the SCN, and kept for about 15 min to obtain a stable solid/liquid (S/L)
interface in appropriate height in the observable growth chamber. Secondly, the
pressure was increased to be 3.0 MPa with a speed of 0.02 MPa/s, and then kept for
about 15 min to gain another stable S/L interface which increased a bit with ele-
vated pressure. Afterwards, the temperature gradient was modified to be 60–50 °C,
accompanied by dendritic growth from bottom to up due to higher undercooling.
Finally, the dendritic growth was captured by a high-speed microscope, with the
image resolution 1280 dpi * 1280 dpi and the frame rate 50 fps to achieve high
definition videos.

Results and Discussion

Based on the experimental setup and method, the dendritic growth evolution of
SCN at ambient pressure and higher pressure was captured, making it possible to
investigate the effect of pressure in liquid on dendritic growth in directional
solidification. Figure 1 shows the evolution of dendritic morphology when solidi-
fied at ambient pressure P0. In the beginning, the S/L interface kept relatively stable
at t = 0 s, and then some cellular grain germinated from the interface and began to
grow with the increase of undercooling in the liquid due to the change of tem-
perature gradient (t ≤ 10 s). With the processing of growth, the cellular dendrite
transformed to columnar dendrite with a few secondary arms sprouted (t = 10–20 s),
and the columnar dendrite grew higher, with more developed side branches
(20–30 s). After t = 30 s, the dendrite grew very slowly for a long time, in the last
period of which even coarsening happened, and finally the growth nearly stopped at
t = 70 s.

Figure 2 illustrates the dendritic growth under pressure of P = 3.0 MPa, which
displays plenty of qualitative differences in morphology evolution, compared with
that at ambient pressure in Fig. 1. Firstly, the stable S/L interface rose up, indicating
that the melting point of SCN, i.e. the temperature at S/L interface, increased with
pressure according to the Clapeyron effect. Secondly, the columnar dendrites grew
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Fig. 1 The evolution of dendritic growth at ambient pressureP0

Fig. 2 The evolution of dendritic growth under pressure P = 3.0 MPa
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much faster than that under P0, with much higher columnar dendrite at the same
time. Thirdly, the dendrites were more developed, with more and slimmer sec-
ondary arms and thinner SDAS. Lastly, the impingement of adjacent well-grown
dendrites happened, leading to competitive growth between them, with some
columnar dendrites growing fast while some in weak growing state.

Besides these qualitative differences in dendrite morphology, the quantitative
distinctions were also analyzed by comparing tip velocity and SDAS in the two
conditions. Seen from Fig. 3, both the tip velocities under P0 and P go up initially
and then decline. The reason behind is that tip velocity is determined by the
undercooling in front of dendrite tip, which is influenced by two factors, declined
temperature and rising growth height which increases and decreases the under-
cooling, respectively. Consequently, under the combined effects of the two factors,
the undercooling climbs up at first period and then falls off, leading to tip velocity in
the same variation trend. Comparing the two curves, tip velocity under pressure of
3.0 MPa is much higher than that under P0, with higher maximum and average
values. The average tip velocities in the first 35 s are 14.5 μm/s and 29.8 μm/s,
respectively, with 100% increase when growing under pressure P. What’s more, the
SDAS which is an essential parameter in microstructure is 50.3 μm and 30.2 μm,
respectively, declining by 40% when solidified under pressure P compared with that
under P0, as shown in Table 1.

Based on the experimental results, it is indicated that increased pressure pro-
motes dendrite growth in directional solidification, elevating tip growth velocity
and facilitating the burgeoning and growth of secondary arms, resulting in longer
and more developed dendrites and much smaller SDAS. This can be attributed to

Fig. 3 Tip velocities with
time under different pressures

Table 1 Average velocity
and SDAS under different
pressures

Pressure (MPa) P0 = 0.1 P = 3.0

Average velocity (μm/s) 14.5 29.8
SDAS (μm) 50.3 30.2
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the effect of pressure on melting point and the destabilizing effect on S/L interface.
The Clapyron effect is shown by the following equation

dP
dT

=
Δs
ΔV

=Cc

where dT is the change in melting temperature resulting from a change in
pressure dP, ΔV is the specific volume change of the phase transition and Δs is
the entropy change of phase transition. Cc is the Clapeyron coefficient, representing
the melting temperature shift per unit change of pressure, and reported to be 24.5
mK/atm [13], which is about four times of that of pure Mg or Al. In this work, the
applied pressure is 3.0 MPa, bringing about a rise of melting point, and thus the
undercooling in the liquid SCN, about 735 mK. It is reported that dendritic crystal
growth experiments on SCN typically employ undercoolings ranging from 1 K to
as low as 50 mK which significantly change the true undercooling of an SCN melt.
Consequently, the undercooling resulting from the applied pressure in this work is
high enough to modulate the dendritic growth dramatically. Moreover, pressure
changes is supposed to destabilize the interface, which promotes the growth of
secondary arms.

Conclusions

A custom fabricated apparatus was designed from the design philosophy of direct
squeeze casting to realize the in-situ observation of dendritic growth under pressure
in directional solidification of SCN. Comparing dendritic growth at ambient pres-
sure and under pressure of 3.0 MPa, qualitative and quantitative distinctions and the
reason behind are reveled:

(1) Qualitatively in morphology, increased pressure promotes dendrite growth in
directional solidification, elevating tip growth velocity and facilitating the
burgeoning and growth of secondary arms, resulting in longer and more
developed dendrites and much smaller SDAS.

(2) Quantitatively, the average tip velocities in the first 35 s under P0 and
P = 3.0 MPa are 14.5 μm/s and 29.8 μm/s, respectively, with 100% increase
when growing under pressure P. Moreover, the SDAS which is an essential
parameter in microstructure are 50.3 μm and 30.2 μm, respectively, declining
by 40% when solidified under pressure P.

(3) This phenomenon can be attributed to the effect of pressure on melting point
and the destabilizing effect on S/L interface, and the undercooling resulting
from the applied pressure in this work is high enough to modulate the dendritic
growth dramatically.
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Modeling of Solute-Dependent Fluidity
and Hot Tearing Sensitivity of Conductive
Aluminum Alloys

Hengcheng Liao, Qigui Wang, Xiaojin Suo, Zixing Feng
and Qin Huang

Abstract Empirical models have been developed to predict fluidity and hot tearing
sensitivity of conductive aluminum alloys. An orthogonal test of 4 factors and 4
levels was designed to evaluate the effect of solute content of Si, Mg, Cu and Fe in
conductive aluminum alloy on fluidity and hot tearing sensitivity (HTS). Results
showed that Si, Mg and Cu elements have positive effect on fluidity and increasing
their contents improves the fluidity. The effect of Fe content on fluidity is negative.
For HTS, the effect of Si and Mg is negative while Cu and Fe is positive.
Multi-element linear/non-linear polynomial regressions are adopted to construct the
solute-dependent empirical models for fluidity and HTS. The predicted results
based on the empirical models agree well with the verification tests.

Keywords Conductive aluminum alloy ⋅ Orthogonal test ⋅ Polynomial
regression ⋅ Fluidity ⋅ Hot tearing sensitivity

Introduction

Aluminum and high purity aluminum alloys have been widely used as electrical
conductors in power lines and hybrid induction motor applications because of their
high specific strength, good corrosion resistance and excellent electric conductivity
[1, 2]. As the conductive aluminum alloys currently used in hybrid induction motor
components are usually cast, the castability of the alloys becomes critical to their
success in induction motor applications.
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Fluidity and hot tearing sensitivity (HTS) are two most important index to
monitor the castability of an alloy. For the fluidity and hot tearing sensitivity, there
are too many affecting factors, and the mechanisms are rigorously complex. Usu-
ally, the constituents and element contents of an alloy (or alloy composition) [3–7],
amount of eutectic [8–10], crystallization temperature interval [11–13], mushy zone
width during solidification and solidification mode [3, 14, 15], and plasticity of
solid and liquid [10] are thought to be the main affecting factors as well as the
superheat of the liquid melt during casting [16]. Among these factors, the alloy
composition is the key as it determines not only the crystallization temperature
interval in nature but also the amount of eutectic, mushy zone width and solidifi-
cation mode to a significant extent. For a given alloy, the thermodynamic and
thermo-physical properties of the alloy is very much determined. Certainly, solid-
ification condition is also another key. When the alloy composition is given, the
variation of solidification condition can significantly change the amount of eutectic,
mushy zone width and solidification mode. It is generally accepted that an alloy
with a good fluidity means less solidification shrinkage and lower hot tearing
sensitivity. The smaller the crystallization temperature interval is, the better the
fluidity and the lower the hot tearing sensitivity. Adding a small amount of alloying
elements into pure Al such as Ti, Fe, Zr, Cr, Mn and Cu will slightly decrease the
fluidity [4–7]. But when the addition level is beyond certain amount, the fluidity is
increased because of the increased amount of eutectic [17]. However, some alloys
have a small crystallization temperature interval, but have a high hot tearing sen-
sitivity, such as Ni alloys (IN792 and CM247) [18]. Both Al–Fe and Al–Mn alloys
have very small crystallization temperature interval, but the hot tearing sensitivity
of Al–Mn alloys are much higher than that of Al–Fe alloys [19]. This indicates hot
tearing of an alloy depends not only on the crystallization temperature interval, but
also on the linear contraction rate, physical-mechanical properties and inherent
solidification characters of the alloy.

To develop a new conductive Al alloy to meet the above requirements for hybrid
induction motor components, Mg, Si and Cu should be selected as strengthening
elements to possess a good strength. Fe is the common impurity element that should
be controlled strictly. Although qualitative influence of these elements on fluidity
and hot tearing sensitivity is known well, the quantitative correlations of fluidity and
hot tearing sensitivity with element content in conductive aluminum alloys have not
been established. An accurate prediction model is also needed. In present study, an
orthogonal test is designed to evaluate the effect of solute contents of Si, Mg, Cu
and Fe in conductive aluminum alloy on fluidity and HTS and multi-element linear/
non-linear polynomial regressions are adopted to construct the solute-dependent
empirical models of fluidity and HTS.
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Experimental Procedure

Orthogonal Test Design

Mg, Si and Cu are the strengthening elements in conductive aluminum alloys and
Fe is an unavoidable impurity. So, Mg, Si, Cu and Fe solute contents are selected as
controlling factors. Their levels are listed in Table 1. An orthogonal test (L16) was
chosen to carry out the experiments.

Alloying and Casting

The chemical compositions of the test alloys are listed in Table 2, which were
measured using ARL-3460 (Flame direct reading spectrometry). The ingots of

Table 1 Factors and its
levels in orthogonal test

Factors (wt%) A B C D
Mg Cu Fe Si

Level 1 0.2 0 0.15 0.2
Level 2 0.35 0.25 0.25 0.4
Level 3 0.5 0.5 0.4 0.6
Level 4 – – – 1.0

Table 2 Composition of the
test alloys measured by
ARL-3460, wt%

Alloy
serial no.

Si Mg Cu Fe

1 0.202 0.198 0 0.151
2 0.405 0.203 0.254 0.252
3 0.611 0.201 0.506 0.404
4 1.030 0.199 0 0.150
5 0.608 0.351 0 0.249
6 1.080 0.349 0.250 0.152
7 0.205 0.350 0.503 0.149
8 0.401 0.353 0 0.403
9 1.040 0.510 0 0.410
10 0.603 0.510 0.251 0.151
11 0.411 0.504 0.510 0.148
12 0.207 0.506 0 0.247
13 0.408 0.202 0 0.153
14 0.204 0.199 0.249 0.397
15 1.030 0.210 0.501 0.250
16 0.610 0.207 0 0.150
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commercially pure aluminum (99.8%), copper (99.8%) and magnesium (99.8%) and
Al-12.5% Si were melted in a graphite crucible of 3 kg capacity using an electrical
resistance furnace. The melt was held at 760 °C for at least 30 min. After cooling to
720 °C, the melt was degassed using C2Cl6 (0.6 wt%). Prior to pouring, the melt
was held in vacuum (−0.1 MPa) at 720 °C for 1 h. After processed, the molten
aluminum was poured into various preheated metal molds (at 250 °C for about 5 h)
including fluidity and HTS test molds.

Fluidity and HTS Tests

The fluidity and HTS of the test alloys were evaluated by casting the samples in the
fluidity and HTS molds as shown in Fig. 1. Fluidity was obtained by measuring the
final length of the sample solidified in spiral fluidity test mold. HTS was estimated
following the method as described in detail in Ref. [20].

Results and Discussion

Significance Analysis of Fluidity and HTS

Orthogonal test results of fluidity and HTS and the statistical analysis are listed in
Table 3. Serial No. 9 has the highest fluidity (60 cm length of the spiral sample)
and smallest HTS (10.0). Serial No. 14 has the lowest fluidity (38 cm length) and
largest HTS (21). K represents the sum of the assessment objective of each factor in
the same level, and the subscript indicates the corresponding level; k is the average
of K values. “Range” is the difference of the maximum and minimum k values of
each factor, and “Range/1%” is the contribution to “Range” per 1% of solute

Fig. 1 Metal molds for castability evalution a Spiral fluidity test mold b HTS test mold
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Table 3 Orthogonal test form of fluidity and HTS, and range analysis

Alloy serial no. Si (%) Mg (%) Cu (%) Fe (%) Fluidity (cm) HTS

1 1 (0.2) 1 (0.2) 1 (0) 1 (0.15) 42 19.5
2 2 (0.4) 1 2 (0.25) 2 (0.25) 46 17.0
3 3 (0.6) 1 3 (0.5) 3 (0.4) 48 16.5
4 4 (1.0) 1 1 1 50 12.0
5 3 2 (0.35) 1 2 49 15.5
6 4 2 2 1 57 11.0
7 1 2 3 1 43 19.5
8 2 2 1 3 45 17.0
9 4 3 (0.5) 1 3 60 10.0
10 3 3 2 1 51 13.5
11 2 3 3 1 49 16.5
12 1 3 1 2 44.5 18.0
13 2 1 1 1 45 16.5
14 1 1 2 3 38 21.0
15 4 1 3 2 52 13.0
16 3 1 1 1 48 14.5
K1 167.5 369.0 383.5 385.0 Range analysis of

fluidityK2 185.0 194.0 192.4 191.5
K3 196.0 204.5 192.4 191.0
K4 219.0 – – –

k1 41.88 46.12 47.94 48.12
k2 46.25 48.50 48.00 47.88
k3 49.00 51.12 48.00 47.75
k4 54.75 – – –

Range 12.87(+) 5.00(+) 0.06(+) 0.37(-)
Range/1%* 16.08(+) 16.67(+) 0.12(+) 1.48(-)
K1 78.0 130.0 123.0 123.0 Range analysis of

HTSK2 67.0 63.0 62.5 63.5
K3 60.0 58.0 65.5 64.5
K4 46.0 – – –

k1 19.5 16.3 15.4 15.4
k2 16.8 15.8 15.6 15.9
k3 15.0 14.5 16.4 16.1
k4 11.5 – – –

Range 8.0(−) 1.8(−) 1.0(+) 0.7(+)
Range/1% 10.0(−) 6.0(−) 2.0(+) 2.8(+)
Range/1%*: The range contribution per 1% of solute element content in the alloy

Modeling of Solute-Dependent Fluidity … 363



element content in the alloy. Because the selected levels of each factor in this study
are not equal, thus “Range/1%” indeed represents the impact of each factor. Large
range/1% expresses a high conspicuousness of the factor.

From Table 3, it is seen that Si and Mg have nearly the same impact on fluidity
(16.08 and 16.67 of Range/% respectively), much higher influence than Fe (1.48 of
Range/%), however Cu has almost no effect (0.12 of Range/%). Si, Mg, and Cu
have positive impacts on the fluidity, i.e. the fluidity is improved with the increase
of their contents, while Fe has a negative impact. It is also seen that the impact of Si
on HTS is the highest (10.0 of Range/%), followed by Mg (6.0 of Range/%), and
that Cu and Fe have almost the same but much less influence (2.0 and 2.8 of Range/
% respectively). Cu and Fe have positive impacts on HTS, i.e. the HTS increases
with the increase of their contents, while Si and Mg have negative impacts, i.e.
increasing the contents of Si and Mg decreases the HTS. In fact, the HTS of an
alloy is tied closely with its fluidity. As shown in Fig. 2, HTS is decreased linearly
with Fluidity. In the view of point of the physical process, the hot tearing formation
originates from the insufficient feeding of liquid to the solidifying shrinkage in
nature. So, if an alloy has a good fluidity, its HTS is expected to be low too.

As the latent heat of Si is 1.8 kJ/g, 4.5 times of that of Al, the released latent heat
during solidification is increased with the Si content and so does the fluidity [21,
22]. With the increase of Si content in the alloy, the degree of superheat is increased
if the pouring temperature is kept the same, which is in favor of the flow of alloy
melt. Addition of Mg in alloy produces a large constitutional supercooling which
impedes the growth of the primary Al dendrites and thus the size of the growing
dendrites becomes uniform [23]. The latent heat of Mg2Si is 1.05 kJ/g, about 2.5
times of Al [24]. The formation of Mg2Si will slow the solidification rate, namely
extending the flow time of alloy melt. So, the fluidity of the alloy is increased with
Mg content. Cu and Fe solutes have no significant effect on the fluidity. The fluidity
variation due to Cu and Fe content changes is within the range of experimental
error.
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Fig. 2 The relationship
between HTS and Fluidity,
data from the studied
conductive Al alloys
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As shown in Table 3, the k value for HTS is decreased with the Si content,
indicating that the HTS is weakened. As the linear shrinkage coefficient of Si is
very small, about 0.12 to 0.31 times of Al, the linear shrinkage of the alloy is
decreased with the increase of Si content in the alloy. Although the solidification
temperature range increases with the Si content, the HTS become smaller due to the
obviously reduced linear shrinkage [13]. On the other hand, due to non-equilibrium
solidification, the amount of eutectic phases is increased with silicon content, which
is expected to improve the feeding ability of the alloy and hence makes HTS
smaller. Adding Mg element in the alloy hinders the growth of the primary α-Al
dendrites, which would improve the feeding ability of the alloy and thus the HTS is
reduced. Increasing Cu content in the alloy increases the linear shrinkage coefficient
[25] and thus the HTS. Fe, an impurity element in aluminum alloy, forms
needle-like or skeleton-like Al5SiFe phase with Al and Si at the early stage of the
solidification process, which hinders the liquid metal feeding and thus increases the
alloy HTS.

Regression Analysis and Model Verification

Based on the results of the orthogonal test, multi-element linear/non-linear poly-
nomial regressions are adopted to construct the solute-dependent empirical models
of fluidity and HTS. Four models are evaluated: Model-I, only taking account of the
linear impacts of Si, Mg, Cu and Fe solutes; Model II, further considering the
interaction of Si and Mg solutes on the basis of Model I; Model III, considering
both the linear impacts of Si, Mg, Cu and Fe solutes and the quadratic nonlinear
impacts of Si and Mg solutes; Model IV, further considering the interaction of Si
and Mg solutes on the basis of Model III. Because of the low significance of Cu and
Fe, their quadratic nonlinear impacts on fluidity and HTS and their interactions with
Si and Mg are neglected in the polynomial regression models. In order to verify the
prediction models of polynomial regressions, another 6 alloys (marked as A, B, C,
D, E and F) are prepared using the same method as described above and the fluidity
and HTS are measured. Their compositions are listed in Table 4.

Table 4 Compositions of the alloys for verification

Serial no. Composition measured, wt% Composition designed, wt%
Si Mg Fe

A 0.292 0.205 0.101 Al-0.3Si-0.2Mg
B 0.284 0.224 0.105 Al-0.3Si-0.2Mg
C 0.280 0.302 0.173 Al-0.3Si-0.3Mg
D 0.246 0.311 0.104 Al-0.25Si-0.3Mg
E 0.23 0.31 0.116 Al-0.2Si -0.3Mg
F 0.50 0.52 0.16 Al-0.5Si-0.5Mg
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Among four models, the Model I appears to have the highest regression coef-
ficient for both fluidity and HTS. The predicted data by Model I also agrees quite
well with the verification test results, only with less than 5% error, as seen in
Table 5. This indicates that the simple polynomial regression model can accurately
predict the fluidity and HTS. It is also seen from Tables 4 and 5 that Alloys A and B
have approximately the same compositions and their verification data of the fluidity
and HTS are also the same, indicating a good reliability of the test data.

Conclusions

(1) The effect of Si, Mg and Cu contents on the fluidity is positive, that is,
increasing their contents improves the fluidity. The effect of Fe content on
fluidity is however negative.

(2) For HTS, the effect of Si and Mg is negative while the influence of Cu and Fe is
positive.

(3) The developed multi-element linear/non-linear polynomial regression models
can be used to predict alloy fluidity and HTS with a good accuracy based on Si,
Mg, Cu and Fe contents.
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Coupling Void Coalescence Criteria
in Finite Element Models: Application
to Tensile Test

A. Abdelkader and Ch. A. R. Saleh

Abstract Ductile fracture has been described by many models on different scales;
namely, continuum, micro, miso and even on atomistic scales. A widely accepted
model is the micromechanical phenomological model, Gurson’s. Gurson assumes
that material is porous with spherical voids. Under deformation, original voids grow
and new voids are nucleated. Failure become pronounced in the third stage; coa-
lescence. Coalescence mechanism occurs either by localized shear at ligaments
between voids or by their preferential growth parallel to the axis of highest principal
stress as reported in literature. Literature includes many void Coalescence models.
The model proposed by Ragab is the concerned model in this study. In this work,
Finite element analysis FEA is used to model materials obeying Gurson function on
a uniaxial tensile test. The coalescence criterions are introduced to the FEA solver,
Abaqus via a user subroutine. The onset of coalescence is determined and compared
to experimental results.

Keywords Ductile fracture ⋅ Porous metals ⋅ FE ⋅ Void coalescence

Introduction

If a uniaxial tension test is performed on a perfect ductile material (free from
inclusions and second phase particles), the plastic deformation process continues by
100% reduction in area at the neck until fracture. However, engineering metals
always contain inclusions and second phase particles. Under plastic deformation,
these particles act as nucleation sites for internal cavities which grow and finally

A. Abdelkader (✉)
Pressure Vessels Department, Engineering for the Petroleum and Process Industries,
Enppi, 1 “A” Ahmed El-Zomor Street, 8th District, Nasr City, Cairo 11361, Egypt
e-mail: Ahmed.abdelkader@enppi.com

Ch. A. R. Saleh
Department of Mechanical Design and Production, Faculty of Engineering,
Cairo University, Giza, Cairo, Egypt

© The Minerals, Metals & Materials Society 2018
The Minerals, Metals & Materials Society, TMS 2018 147th Annual Meeting
& Exhibition Supplemental Proceedings, The Minerals, Metals & Materials Series,
https://doi.org/10.1007/978-3-319-72526-0_35

369



coalesce. The nucleation and growth stages occur concurrently during plastic
deformation. The coalescence is the final stage where failure becomes pronounced.
Void nucleation process is well understood with multiple experimental evidences.
Void nucleation models are diverse with multiple basis that provides different
results when compared to experimental work due to the stochastic nature of exis-
tence. Void growth is observed by metallographic techniques on longitudinal
section of fractured specimens as shown by Puttick [1], Park and Thompson [2],
and Cox and Low [3].

On the modeling side, Gurson’s [4] mechanical model for voided material is a
widely accepted model. Gurson introduced a local damage model which is the void
volume fraction. Important modifications are due to Tvergaard [5, 6] who intro-
duced adjustment parameters to Gurson model because the model differs signifi-
cantly from numerical result. Hence, the form of the yield function has become:

σ2 = σ2M 1+ q3C2
v

� �
− 2q1Cvσ

2
M cosh q2

3σm
2σM

� �
ð1Þ

Where σM is the effective stress of the matrix material, σ is the macroscopic
Mises effective stress, σm is the mean stress component, Cv is the void volume
fraction, q1, q2, q3 are material parameters.

Coalesence is the last of vital importance [7]. Coalescence comes in different
modes. One of them is the internal necking where the ligament between the voids is
reduced to a point as observed in a variety of metals [2, 8, 9]. Coalescene models
are multiple. This study focus only on verification of coalescence model proposed
by Ragab [10]. Ragab’s criterion considers the influence of void shape change,
strain hardening and softening due to existence of voids in his model. This criterion
has the form:

σ1
σM
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log 1+
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εl ̸εucð Þn ð2Þ

Where λ1 is the current aspect ratio of the void, εl and εuc are the strain within the
ligament and the average macrospic strain within the unil cell respectively. b2 ̸b1
are void geometrical factors as shown in Fig. 1. Void shape evolution were eval-
uated by Ragab [11]. The evolution equations are summarized in Table 1.

where λ2 is the current aspect ratio of the matrix material volume confocal with
the void. λ2i and λ1i are the initial aspect ratio of the spheroidal matrix material
volume confocal with the void and the final aspect ratio of the void respectively and
n is the strain hardening exponent.

The objective of this work is to integrate Ragab coalescence criterion into FE
software, Abaqus so that the onset of ductile fracture can be checked numerically.
The introduced coalescence criterion is then to be applied on modeling a tensile test
and compared to experimental results.
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Numerical and Experimental Procedures

To check the occurrence of void coalescence according to Ragab’s criterion in
Abaqus, material point information must be known at the end of each solution
increment. An Abaqus utility subroutine reads stresses and strains for every
material point instantaneously while Abaqus is running. Having Gurson constitu-
tive equation built in the source code of the software saved the step of integrating
the constitutive equation; however the utility routine does not support reading the
void volume fraction while the job is being processed. Hence, calculation of the
void volume fraction is necessary before proceeding to void coalescence check.
Void shape evolution is then evaluated and the occurrence of coalescence criterion
could be checked.

The material used in the comparison is dual phase steel (DP600). This steel
consists of a ferrite matrix containing islands of martensite. Having dual phases in
the matrix promotes the process of porous plasticity as highlighted in the literature

Fig. 1 The representative element of a voided material as simulated by Ragab [8]: a array of unit
cells each containing an isolated ellipsoidal void and b intervoid matrix

Table 1 Void shape evolution equation as presented by Ragab [11]

b1
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= 6λ2CV

πλ1
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3 (3)
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For initially prolate void: λ1i ≥ 1 and 1
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review. The mechanical properties and engineering stress-strain curve are deter-
mined by Cingara et al. [12] and enlisted and presented in Table 2 and in Fig. 2
respectively.

Where Cvo is the initial void volume fraction, λ1i is the initial aspect ratio, n is
the strain hardening exponent, εN is the nucleation strain, and r is the anisotropic
ratio.

The material is assumed to follow the power hardening rule even for the regions
of the non-uniform elongation. In other words, the plastic true stress-strain curve is
assumed to have a constant slope on the logarithmic scale which is 0.2 in the
investigated case.

The material is provided in the form of 1.8-mm-thick sheet. The specimens used
are according to ASTM E8 standard with a gage length of 25.4 mm. Strain was
continuously measured by Aramis setup as shown in Fig. 3a and b. Aramis con-
tinuously capture the image of the specimen and perform image processing to
calculate surface strains. When fracture occurs, the mesh is broken and Aramis is no
longer able to process the image. Hence, the strains denoted by experimental
fracture strains correspond to the strains just before fracture.

Table 2 Material properties of DP600 employed in the finite element model

Cvo λ1i εN UTS (MPa) Y (MPa) r n K (MPa)

0.00034 1 0.15 650 360 1 0.2 1180

Fig. 2 Engineering stress-strain curve of DP 600 for two samples; RD: rolling direction and TD:
transverse direction
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Employing the isotropic properties of the material and the symmetric geometry;
only a quarter of the specimen can be used to enable the use of a fine mesh at the
quarter of the computational cost as shown in Fig. 4. The constitutive equation of
material behavior is Gurson’s with Tevergaard modifying parameters. The nucle-
ation model used here is as proposed by Avramovic-Cingara et al. [12] at a
thickness strain of 0.15. As introduced earlier; the suitable element for this type of
analysis is the first order hexahedral brick element with 8 nodes and reduced
integration algorithm. Abaqus hourglassing control is activated for every element to
avoid unreal elements straining.

Fig. 3 a Image captured by Aramis at the stage point just perior to fracture. b Processed image of
strain distribution at the stage point prior to fracture

Fig. 4 Tensile test modeling on Abaqus at the onset of coalescence
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Results and Discussion

The analysis step continues until the admitted coalescence criterion is met. Then,
the analysis stops. To ensure the insignificance of the inertial forces, the kinetic
energy and the total energy are kept monitored. Figure 5 is the plot of system
energies that shows that inertial effects are negligible.

After submitting the model for analysis, the subroutines are invoked by Abaqus
to calculate void shape evolution, void volume fraction and finally checking for
coalescence criteria at each time increment. Necking is identified on the FE model
matching experimental results as shown on Figs. 6 and 7.

Coalescence was found to occur according to Ragab criteria at a first principle
strain in agreement with experimental results. Figure 8 shows principle strains
evolution till coalescence for the most strained point in both experimental and
numerical work.

Fig. 5 Energy history for specimen W6 through the solution

Fig. 6 Image taken by Aramis software at the point just before coalescence
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Conclusion

In this work, FEA is used to model materials obeying Gurson function as the
constitutive equation for material yielding. Ragab’s coalescence criterion is intro-
duced to the FEA solver, Abaqus via user subroutines. Material information at
every calculation increment is passed through utility subroutine to the Fortran
compiler which in turn checks if the introduced coalescence criteria is met. Cal-
culated material information by the Fortran compiler are passed back to Abaqus/
CAE (the complete abaqus environment) through the same subroutine. The
developed methodology is general and can be applied to any material obeying
Gurson yield function. The model is applied to the case of tensile testing of DP600

Fig. 7 FE results showing thinning at the point of coalescence

Fig. 8 Strain histories for the highly strained point until fracture/coalescence in both experimental
and FE work
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where comparison between experimental results and numerical model implemented
in FEA is held. It was found that Ragab’s criterion is in agreement with experi-
mental results.
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Design of a New Multi-element Beta
Titanium Alloy Based on d-Electron
Method

S. Sadeghpour, S. M. Abbasi and M. Morakabati

Abstract A new beta titanium alloy in the Ti-Al-Mo-Cr-V system has been
designed using the d-electron method with the aim of activating a combination of
different deformation mechanisms. In this regard Ti-3Al-5Mo-7V-3Cr (Ti-3573)
alloy has been designed and compared with a commercial Ti-5Al-5Mo-5V-3Cr
(Ti-5553) alloy. To evaluate the accuracy of the d-electron theoretical predictions,
uniaxial compression tests were performed at room temperature. The deformation
mechanism of Ti-3573 was found to be a combination of slip, stress-induced
martensitic transformation and mechanical twinning. As a result of the combined
deformation mechanisms, the designed alloy showed enhanced compressive
strength and ductility in comparison to the Ti-5553 alloy. The results showed that in
the case of twinning the prediction by the d-electron method is consistent with
experimental observations but regarding the stress-induced martensitic transfor-
mation this method should be used with modifications to the d-electron phase
stability map.

Keywords Beta Ti alloy ⋅ Alloy design ⋅ d-Electron method
Twinning ⋅ Stress-induced martensite

Introduction

Metastable β Ti alloys are an important category of Ti alloys with a wide variety of
mechanical properties due to the occurrence of several deformation mechanisms.
Depending on the β phase stability, dislocation slip, twinning and stress-induced
martensitic (SIM) transformation can all occur during the deformation of β Ti alloys
[1–3]. It has been demonstrated that with increasing stability of the β phase, the
deformation mechanism changes from SIM to twinning and then to slip [1, 4].
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When mechanical twinning is the dominant deformation mechanism, β Ti alloys
exhibit a high strain hardening rate and large ductility but a low yield strength
[5, 6]. In contrast, β Ti alloys with dislocation slip as the dominant deformation
mechanism show very low ductility but a high yield strength. It has also been
shown that SIM strongly affects the mechanical response of metastable β Ti alloys
[7–9]. Thus, control of the deformation mechanisms is considered as a key strategy
in the optimization of the mechanical properties of β Ti alloys. Extensive efforts
have been made to control the β phase stability in order to control the deformation
mechanisms [6–10]. However, for a long time, new optimized compositions have
been formulated principally by trial and error methods, with no fundamental
physical basis. During the last decade, the design strategy of new β Ti alloys has
often been based on theoretical approaches [10, 11], and a particular attention has
been paid to the “d-electron method” [12–14]. This theoretical alloy design method
has been developed on the basis of the discrete variational Xα (DV-Xα) molecular
orbital calculation of the electronic structure of alloys. Two alloying parameters are
used in this method, one is the d-orbital energy level of an alloy transition metal
(Md) in a given base metal system and the other alloying parameter is known as the
bond order (Bo) which correlates well with the electronegativity and the metallic
radius of alloying elements.

Firstly, the d-electron method was extensively used in the design of Ti alloys
presenting enhanced elastic properties [12, 15, 16]. Recently, it has been shown that
the mechanical stability of the β phase is also connected to the electronic parameters
Bo and Md [12]. Therefore, this method has been realized to be effective in pre-
dicting the plastic deformation mechanisms of β Ti alloys [17–19]. That way
Bo-Md maps can be used as a tool to design new Ti alloys exhibiting specific
deformation mechanism. The results have shown that a combination of martensitic
transformation induced plasticity (TRIP) and twinning induced plasticity (TWIP)
effects can improve the mechanical properties [17–19]. Nonetheless, until now this
method has only been used for designing simple binary β Ti alloys and very
recently for ternary alloys [17, 19]. The present study aims at evaluating the reli-
ability of the d-electron method in predicting the deformation mechanisms of
complex multi-element β Ti alloys. On this basis, starting from the well-known
Ti-5553 (Ti-5Al-5Mo-5V-3Cr) system, we introduce a new composition with the
same alloying elements but differing predicted β phase stabilities to investigate and
compare the deformation mechanisms and mechanical properties.

Materials and Methods

Starting with the initial composition Ti-5Al-5Mo-5V-3Cr, the d-electron method
was used to design the new compositions, Ti-3Al-5Mo-7V-3Cr (Ti-3573). The
details of alloy design procedure are discussed in the following section. An ingot of
the designed alloy was melted twice using the vacuum arc melting to ensure
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chemical homogeneity. After homogenizing, the ingot was forged and then rolled to
20 mm thick plates. Samples from the ingot were solution-treated at 1000 °C in a
preheated box furnace and held for 30 min followed by water quenching to retain a
fully β structure at room temperature.

The deformation behavior of the annealed β samples was evaluated using uni-
axial compression at room temperature. The compression tests were carried out in
an Instron 8502 testing machine on cylindrical specimens with a dimension of
ϕ8 × 12 mm at an initial strain rate of 0.7 × 10−3 s−1.

In order to analyze the microstructures, the deformed specimens were sectioned
along the compression axis. Standard metallographic techniques were employed to
prepare the samples. Specimens for optical microscopy (OM) were etched in a
modified Kroll’s reagent (6% HF + 18% HNO3 + 76% H2O) to reveal the
microstructures. Electron backscatter diffraction (EBSD) scans were performed
using a field emission gun Zeiss Sigma scanning electron microscope operating at
15 kV with a step size ranging from 0.5 to 0.05 μm.

Results and Discussion

Alloy Design

The Ti-Al-Mo-V-Cr composition is an important alloy system in which several β Ti
alloys have been introduced and used in commercial applications [20]. The most
popular example is the Ti-5553 alloy that is a high strength β Ti alloy with the
chemical composition of Ti-5Al-5Mo-5V-3Cr (wt%). Although the metastable β
alloys generally display better cold workability compared to that of α and α + β
titanium alloys, the cold workability of the most common high strength β Ti alloys,
such as the Ti-5553, is only moderate as a result of their deformation mechanism.
This can be considered as a drawback restricting its application to bulk structures.
The main idea to improve the mechanical properties of the Ti-5553 alloy is to
activate a combination of different deformation mechanisms as a potent approach to
enhance the ductility without sacrificing the yield strength.

As mentioned, the electronic Bo-Md maps can be used to predict the deformation
mechanism occurring in an alloy and such a map and the locations of the present
alloys are shown in Fig. 1a. The area between the Ms and Md lines corresponds to
the occurrence of the SIM transformation. The Ms and Md correspond to the
martensite start temperature and the minimum temperature above which β is stable
and does not transform to martensite by deformation, respectively. The critical
resolved shear stress (CRSS) for SIM is expected to increase on going from the Ms

line toward the Md line and the SIM transformation will occur most readily near the
Ms line. Mechanical twinning is expected to be the dominant deformation mech-
anism between the Md line and the borderline between the slip and twinning
regions. It can be supposed that in the transition regions, i.e. close to the borderlines
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between the deformation mechanisms, two or three deformation mechanisms may
occur in combination. Hence, to obtain different combinations of deformation
mechanisms, the designed alloy should be targeted to locate close to the Ms, Md and
Slip/Twin lines.

The extension of the d-electron method towards multi-element systems for
desired active deformation mechanisms can be achieved by correlating alloying
vectors (Fig. 1b). These alloying vectors show the variation in the Bo and Md
values of pure Ti with the Al, Mo, V and Cr content [21]. A linear combination of
different alloying vectors (Al, Mo, V and Cr) was used to reach the desired loca-
tions of new compositions on the Bo-Md map.

In designing the alloy, the variation of alloying elements was considered in a
way to fall in the critical regions on the stability map, i.e. close to the borders. Since
the position of Ti-5553 alloy is quite far from the desired region in the stability map
(Fig. 1a), the values of Bo and Md should be changed. In order to get closer to the
desired position in the stability map, the Bo parameter must be increased or Md
decreased. As it is evident from Fig. 1b, Al and Mo have almost the highest effect
on the Bo parameter. Thus, increasing the Mo or/and decreasing the Al content is
preferred. Given that the V does not have a significant effect on Bo, its content was
changed to optimize the Md value. The Cr content of the new alloy was chosen to
be constant and at the same level as in the Ti-5553, in order to avoid unnecessary
complexity in the designing procedure.

For the new alloy, the Bo andMd values were selected such that the alloy locates
close to the middle of the twinning region, but close to the Md line so that the alloy
is expected to undergo both twinning and SIM transformation upon deformation.
As shown in a previous work [18], an additional line can be drawn on the stability
map locating the possible coexistence of TRIP and TWIP effects in a combined

Fig. 1 a The Bo-Md phase stability diagram showing the designed alloys in relation to the
commercial Ti-5553 alloy b d-electron map showing VAl, VMo, VV and VCr alloying vectors as
functions of Bo and Md
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way. This is the black thin line in Fig. 1. It is obvious from Fig. 1 that the Ti-3573
alloy lies on this line. Therefore, it is expected that this alloy will show a combi-
nation of TRIP and TWIP effects. The calculated values of Bo and Md are super-
imposed on the stability map (Fig. 1). As can be seen, the designed alloy lies on the
Martensite/Twin borders.

Microstructural Analysis

EBSD microstructure of the solution treated alloy shown in Fig. 2a displays
equiaxed single phase β grains with an average diameter of 200 μm. Only β grains
are visible on the micrograph without any evidence of α″ martensite phase in the
matrix indicating that the Ms temperature of the alloy is below room temperature.
This observation is in agreement with the prediction of the d-electron method for
Ti-3573.

In order to understand the deformation mechanisms of the alloy, interrupted
compression tests were performed up to 10% strain and corresponding
microstructures were investigated. Figure 2b shows the light optical microstructure
after deformation. It can be observed that deformation induced products are
appeared in the alloy. To better understand the nature of these deformation prod-
ucts, EBSD examinations were performed on the deformed samples.

The high resolution EBSD maps in Fig. 3 display the deformation microstruc-
ture of Ti-3573 after 10% compressive strain. Some wide deformation bands are
evident in the deformed β matrix. Figure 3b shows that most of the deformation
bands can be indexed as mechanical twins. Figure 3d shows the misorientation
profile along the line AB across the deformation band shown in Fig. 3b. It can be
seen that the misorientation angle between the deformation band and the matrix is

Fig. 2 a EBSD maps of the Ti-3573 alloys in solution treated condition b optical microstructure
of Ti-3573 after the 10% interrupted cold compression test
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approximately 50.5° around the <110> β direction. This profile proves that the
wide deformation bands observed in light optical microscopy (Fig. 2b) are {332}
<113> twins. Similar results for some β Ti alloys have been reported in the lit-
erature [22–24]. It can be seen that, depending on the orientation, several secondary
{332} <113> twins are formed within the primary twins in agreement with
observations in earlier studies [24–26]. Figure 3c also indicates that SIM forms
inside the primary twins as a secondary deformation product. Such formation of
SIM inside the twins has also been reported in the literature [18, 25].

According to EBSD results, Ti-3573 showed α″ SIM after compressive defor-
mation at room temperature. However, based on the stability map in Fig. 1 the
formation of SIM is not expected in this alloy. Further, some other Ti alloys such as
Ti-10V-2Fe-3Al [27] and Ti-10V-2Cr-3Al [28] showed SIM after cold deformation
while the locations of these alloys also lie outside the α″ martensite region. Based
on these observations, an expansion of the SIM region on the Bo-Md map is
proposed especially in the lower part of the diagram. This suggestion was also made
by Ahmed et al. [29] based on their investigation of the compressive deformation
behavior of Ti-10V-3Fe-3Al.

Hence, the combination of SIM and twinning were found in the deformed
microstructure of the Ti-3573 alloy. This, as previously reported [18], may lead to
the enhancement of the ductility of this alloy. A similar combination of TRIP and
TWIP effects has been reported in some binary and ternary Ti alloys [17–19].

Fig. 3 EBSD maps of the secondary twins and SIM phase inside the primary twins in the Ti-3573
alloy subjected to 10% compressive strain. a Image quality (IQ) map, b inverse pole figure
(IPF) map and c phase map
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However, to the best knowledge of the authors, very limited examples have been
found showing both TRIP and TWIP effects simultaneously in a metastable β Ti
alloy containing more numerous alloying elements.

Mechanical Properties

Figure 4 presents room temperature compressive stress-strain curves of the
designed alloy along with those of the reference Ti-5553 alloy. The compressive
yield strength was 830 and 930 MPa for Ti-5553, and Ti-3573 alloys, respectively.
The yield strength of the designed alloy is higher than that of the Ti-5553 reference
alloy and also higher than the reported yield strengths of other metastable
β Ti alloys.

In the case of Ti-3573, the stress-strain curve does not exhibit any double
yielding phenomenon. Thus, we can conclude that the trigger stress of the
martensitic transformation in the Ti-3573 alloy is higher than the elastic limit so that
no pseudo-elasticity occurs during the compressive loading. When the triggering
stress is low compared to the yield stress, the double yielding phenomenon occurs
whereas the stress-strain curve presents no double yielding when the triggering
stress is close to or even higher than the yield stress [7, 30]. It is well known that
delayed formation of stress-induced martensite will contribute to plastic deforma-
tion of the alloy and improve the work hardening [18, 25]. Contrary to that, the
early reversible stress-induced martensite activated in the elastic region always
causes elastic softening [31].

The failure strain was 30 and 49% for the Ti-5553 and Ti-3573 alloys, respec-
tively. This indicates that the designed alloy has enhanced plastic deformation

Ti-3573

Ti-5553

Fig. 4 Compressive stress-strain curves of the Ti-5553 and Ti-3573 alloys at room temperature
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ability. The higher compressive properties of the Ti-3573 alloy in comparison to
Ti-5553 can be attributed to the delayed SIM formation and the activation of a
combination of TRIP and TWIP effects.

Conclusions

A multi-element Ti alloy, Ti-3Al-5Mo-7V-3Cr (in wt%) has been designed using
the d-electron method targeting to the composition where several deformation
mechanisms could be operative simultaneously. The mechanical properties and
microstructural evolution of the designed alloy as seen in uniaxial compression
testing were investigated and compared with the behavior of the reference com-
mercial alloy Ti-5Al-5Mo-5V-3Cr (Ti-5553). The main results and conclusions are
summarized below.

(1) Increasing the bond order (Bo) and decreasing the d-orbital energy level (Md),
i.e. increasing the β phase stability changed the deformation mechanisms from
slip/TRIP to slip/TRIP/TWIP.

(2) The combination of SIM, primary and secondary {332} <113> twinning and
dislocation slip found as the deformation mechanisms in Ti-3573 resulted in
higher strength and ductility.

(3) The d-electron phase stability map successfully predicted the activation of the
twinning mechanisms for a multi-element alloy; however, the method needs to
be modified regarding the prediction of SIM transformation when several
alloying elements are present.
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Effects of Oxygen on the Density of States
and Elastic Properties of Hafnium—First
Principles Calculations

Yang Zhang, Yajie Wen, Naimeng Liu, Hao Guo, Ye Cui, Dan Chen
and Zhongwu Zhang

Abstract Due to its excellent comprehensive properties, Hf has been the preferred
material for control rods in the nuclear reactors. There is a very strong influence of
even small additions of oxygen element on the mechanical properties of Hf alloy.
This work we report results of first-principles calculations of structure stability,
density of states and elastic properties including the full set of second order elastic
coefficients, bulk moduli and shear moduli, Young’s moduli, and Poisson’s ratio of
Hf as a function of positions and concentration of oxygen atoms. Oxygen atom
prefers to occupy octahedral and hexahedral interstitial sites due to the lower for-
mation energy and less lattice distortion. Oxygen content has very weak influence
on the density of states. The effects of oxygen content on the elastic parameters
were estimated with the conclusion that approximately high oxygen addition
decreased elastic and plastic properties.
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Introduction

Hafnium (Hf) has good mechanical properties, radiation resistance, corrosion
resistance, high melting point and small thermal expansion coefficients, and has
been used as control rod material of various types of reactors. Hf is used mainly due
to a large neutron absorption cross section of 1.15 × 10−26 m2 and excellent water
corrosion resistance [1]. However, the mechanical properties are also very critical,
because it can result in a serious accident if the Hf control rods crack during
working.
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It is reported that small additions of alloying elements (such as O, Fe) and
impurities (such as C, N) have a very big effect on the mechanical properties of Hf
alloys [1]. Keeping a low level of impurities, specifically oxygen is one of the
effective method to avoid cracking during the transformation of Hf tube/plate.
Therefore, it is of great significance to investigate the effects of oxygen on the
mechanical properties of Hf.

Many efforts have been made to study the effect of oxygen on the microstructure
and mechanical properties in alloys [2–5]. It is generally believed that the
mechanical properties will decrease with the increase in oxygen content. However,
how the oxygen content affects the mechanical properties remains unknown in Hf.
In this paper, the stable oxygen interstitial sites were determined by using
first-principles method. The effects of oxygen content on the lattice distortion,
density of states, and elastic parameters including the full set of elastic coefficients,
bulk moduli and shear moduli, Young’s moduli, and Poisson’s ratio were calculated
and estimated. The relationship between the elastic and plastic properties of Hf was
also discussed empirically.

Computational Procedure

The calculations were conducted using a planewave pseudopotential method based
on density functional theory (DFT) with the generalized gradient approximation
(GGA) in the scheme of Perdew–Burke–Ernzerhof [6]. The ultrasoft pseudopo-
tentials were chosen for the interactions between electrons and ionic cores. The
Fermi smearing of the electronic occupancy in the calculations was 0.2 eV and the
plane wave cut-off energy was set to 340 eV. The Brillouinzone integrations were
made using a (4 × 4 × 2) k-point mesh according to the Monkhorst-Pack scheme
in a 2 × 2 × 2 cell [7]. The following orbital electrons were treated as valence
electrons: Hf–6s25d2 and O–2 s22p4. Elastic constants were determined by calcu-
lating the variations in energy arising from applied strain.

It is well know that Hf has two kinds of crystal stuctures: HCP and BCC. Hf
belongs to HCP crystal strucure in its natural state, and will transform to a BCC
crystal structure when the temperature reaches 1742 °C. In this study, we only
investigate the HCP phase. In HCP crystal structure, there are eight kinds of
interstitial sites which can be occupied by oxygen atom according to Reference [8]:
octahedral(OC), tetrahedral (TE), hexahedral (HE), basal octahedral (BO), crow-
dion (CR), basal crowdion (BC), split dumbbells along c axis (SP), and split
dumbbells in the basal plane (BS) as shown in Fig. 1. On one hand, we calculated
the formation energy and cell parameters for all these eight interstitial sites to
determine the stable sites for oxygen atom to occupy. On the other hand, similar to
our previous study [9], we construct the structure models with different interstitial
oxygen concentration, the concentrations of oxygen atoms used in the calculations
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are 5.88% (2 × 2 × 2 supercell, 16 Hf atoms + 1 O atom), 4.00% (2 × 2 × 3
supercell, 24 Hf atoms + 1 O atom) and 2.70% (3 × 3× 2 supercell, 36 Hf
atoms + 1 O atom).

Results and Discussion

The formation energy of the addition of an oxygen atom is denfined as:

E=Edef − Eper +EO
� � ð1Þ

where Edef is the final energy of the unit cell with the addition of an oxygen atom,
Eper is the final energy of the perfect lattice, and EO is the energy of single O atom,
respectively. The formation energy of O2 molecules was firstly calculated, and then
half of the energy was treated as the formation energy of single O atom. The total
energy of pure Hf crystal structure in a 2 × 2 × 2 unit cell and a half of O2

molecules were calculated to be 6541.333 eV and 433.932 eV, respectively.
According to Eq. 1, the formation energies with an oxygen atom occupying dif-
ferent interstitial sites in the crystal structure were all calculated and shown in
Table 1. The results show that only OC and HE sites are stable, and other sites are
all unstable. In general, interstitial elements (O, N, C) prefer to occupy octahedral
and tetrahedral sites [10]. Oxygen stable interstitial sites are OC, HE, and CR in
α-Ti [8]. The coordination numbers of oxygen atoms for OC and HE cases are eight
and six, respectively, and the high coordination numbers make the binding energy
between atoms lower and thus more stable. The oxygen atom at BO site will move
to OC after geometry optimization, and TE site will relax to HE which is identified
with Scotti’s results in pure Ti [8]. The change of the cell parameters can reflect the

Fig. 1 Schematic of interstitial sites occupied by one interstitial oxygen atom in Hf: a octahedral
(OC), tetrahedral (TE), hexahedral (HE), basal octahedral (BO); b crowdion (CR), basal crowdion
(BC), split dumbbells along c axis (SP), and split dumbbells in the basal plane (BS)
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degree of lattice distortion. Although the positions of oxygen atom at CR, BC, BS,
and SP sites do not move too much after geometry optimization, the lattice dis-
tortion caused by oxygen atom is very large. For example, the length of Hf–Hf is
3.198 Å in the original cell for BC case, and will increase to 4.509 Å after geometry
optimization, which indicates that this kind of oxygen site is unstable due to the
large effects on the lattice distortion. A recent research shows that the lattice dis-
tortion restrains dislocation motion and causes embrittlement and loss of ductility in
Ti alloys [5]. The lattice parameters of all the interstitial sites are shown in Table 1.
The values of all the cell parameters for OC site are very close to pure Hf, indicating
a very small lattice distortion. The formation energy of OC site is also the lowest,
and thus it is the most stable site among all the eight sites. In the following study,
we only choose OC site to investigate the effect of oxygen on the lattice distortion,
density of states, and elastic properties. The lattice parameters of the models with
different oxygen content are shown in Table 2. It is found that oxygen content has a
very weak effect on the cell parameters a and b, while the value of c increases
slightly with increase of oxygen content. Oxygen atom occupying OC site causes
small lattice distortion. From this point of view, it is also demonstrated that octa-
hedral interstitial site for oxygen atom is very stable in Hf crystal structure. The
value of c/a can be used to estimate the ductility for HCP metal, which determines
their slip modes [5]. The higher is the value of c/a, the worse is the ductility. With
the increase of oxygen content, the value of c/a presents a slight increase, indicating
that a high oxygen content may weaken the ductility of Hf.

Table 1 The formation energy and cell parameters after geometry optimization for pure Hf and
eight kinds of interstitial sites models

Position After geometry
optimization

Formation
energy (eV)

a (Å) b (Å) c (Å) α (°) β (°) γ (°)

Pure Hf – – 6.468 6.468 10.182 90.000 90.000 120.375

OC stable −5.780 6.460 6.457 10.285 90.038 89.946 120.001

TE Relax to HE −4.091 6.555 6.558 10.223 89.976 90.026 119.712

HE stable −5.780 6.599 6.573 10.110 89.989 90.006 119.826

BO Relax to OC −4.091 6.454 6.452 10.271 89.998 89.946 119.856

CR unstable −5.139 6.422 6.437 10.569 90.119 81.030 119.808

BC unstable −4.481 6.287 6.287 9.724 90.014 90.006 104.259

BS unstable −4.881 7.646 6.246 9.800 90.010 89.995 127.683

SP unstable −4.084 6.554 6.553 10.252 90.046 89.949 119.807

Table 2 The cell parameters of OC interstitial site with various oxygen concentrations

O atom content (%) a (Å) b (Å) c (Å) α (°) β (°) γ (°) c/a

0 3.234 3.234 5.091 90.000 90.000 120.375 1.574
2.70 3.234 3.237 5.108 89.998 89.980 120.081 1.579
4.00 3.228 3.228 5.117 89.980 90.024 120.180 1.585
5.88 3.230 3.228 5.143 90.039 89.946 120.001 1.592
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The total density of states of pure Hf, stable OC and HE interstitial sites are
shown in Fig. 2, in which TE sites are also shown for comparison. From Fig. 2, one
can observe an obvious difference at about −7 eV where the density of states of
OC, HE, TE sites is increased significantly, indicating that this peak is completely
due to oxygen orbital electronics. The peak positions of different oxygen interstitial
sites are very close, and there is no obvious difference between them.

In order to further study the individual effect of Hf and O orbital electronics, the
partial density of states (PDOS) of Hf with one oxygen atom occupying OC
interstitial site in a 2 × 2 × 2 unit cell are shown in Fig. 3. The O 2s state is
located at a much lower energy of about −20.5 eV, and so it is not shown here.
Oxygen orbital electronics have very weak contribution near the Fermi level. There
is an interaction between O 2p state with Hf orbital electronics at −7 eV, however,
the peak here is not observed in pure Hf from Fig. 2, further demonstrating that the

Fig. 2 The density of states
(DOS) of pure Hf, and the
models of OC, HE and TE
interstitial sites

Fig. 3 The partial density of
states (PDOS) of O 2p, Hf
6 s, Hf 5p,and Hf 5d at
OC site
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orbital hybridization is attributed to oxygen atom. The DOS of pure Hf is compared
to those of different concentrations of interstitial oxygen atom at OC site shown in
Fig. 4. When oxygen content reaches 5.88%, the pseudogap width is obviously
wider than pure Hf, indicating shifts of the bonds type to more covalent [5].

The elastic constants of the crystal reflect the macroscopic mechanical properties
of the material under room temperature and static load, and determine the response
to stress or strain, which are generally described by Young’s modulus, shear
modulus, bulk modulus, and Poisson ratio, etc. The calculated elastic constants,
bulk modulus B, shear modulus G, Young modulus E and Poisson’s ratio γ with
various oxygen content at OC site together with the computational and experi-
mental results in the previous works are shown in Table 3. Our results agree with
the data in References [11, 12, 14]. To further observe the variation of elastic
constants with oxygen content, the values of C11, C12, C13, C33 and C44 as a
function of oxygen concentration are plotted in Fig. 5. The C11 decreases with the
increasing oxygen content, however, there are no obvious rules observed for other
elastic constants. For hexagonal crystal system, mechanical stability can be judged
by the relationships of the elastic constants according to the Born criteria: C11 > 0,
C11 −C12 > 0, C44 > 0 and ðC11 +C12ÞC33 > 2C2

13 [11, 13]. If all the Eqs are sat-
isfied, one can conclude that the crystal structure is stable. In our case, mechanical
property is stable no matter for pure Hf or Hf with different concentration of oxygen
in the OC site.

The value of B/G can be used to estimate the effect of oxygen concentration on
the brittle/ductile behavior of Hf using Pugh’s criterion, in which the critical value
from ductile to brittle transition is 1.75 [5, 15]. A lower value of B/G means that the
material is easier to occur brittle fracture. The values of B/G as a function of oxygen
content are plotted in Fig. 6. With the increase in oxygen content, the B/G value
decreases, indicating that a high oxygen content will deteriorate the ductility.

Fig. 4 The density of states
(DOS) of pure Hf, and the
models of different interstitial
oxygen concentration at
OC site
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Conclusion

In conclusion, the octahedral site is the most stable oxygen site among all the eight
interstitial sites, and the hexahedral site takes the second place. The oxygen atom at
other sites will either relax to octahedral site/hexahedral site or make the lattice
generate a very large distortion. The addition of oxygen contributes the peak at
about −7 eV in DOS, and the increase of oxygen content makes the bonds type
more covalent. The calculated C11 decreases with the increasing oxygen content,
while the values of C12, C13, C33 and C44 have no obvious rules with the variation
of oxygen content. Mechanical property is stable after the addition of oxygen atom
according to Born criteria. Oxygen content has little effect on the parameters of
shear modulus G, Young modulus E and Poisson’s ratio γ. The value of B/G
decreases with the increase in oxygen content, demonstrating that the existence of
oxygen will bring a bad effect on the ductility of Hf.

Fig. 5 The values of C11,
C12, C13, C33 and C44 as a
function of oxygen
concentration

Fig. 6 The value of B/G as a
function of oxygen
concentration
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Morphological Study of Dispersion Phases
in Heterogeneous Waste Form Materials
for Efficient Nuclear Waste Containment

K. Patel, M. Riaz, F. Rabbi, R. Raihan and K. Reifsnider

Abstract The efficiency of high-level nuclear waste immobilization by incorpo-
rating a host phase within a hollandite material structure can be increased by
carefully synthesizing the dispersion phases inside the hollandite matrix. Also,
estimation of the leaching rate from these nuclear waste forms is critical. Hence,
conformal finite elemental model has been developed to study the effect of mor-
phology of dispersive phases on diffusive nuclear flux. COMSOL Multi-physics is
used as a computational tool to solve a Nernst-Plank Equation to study the diffusion
leakage flux. A 2D model is built to identify the effect of volume fractions, surface
areas, and different shapes of dispersion phase on the exit flux behavior. The results
have indicated that there exists an optimum combination of different parameters
such as volume fraction, surface area, position with respect to open boundary, and
shape of dispersion phases for immobilization.
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Introduction

The fission product, Cs is extremely difficult to immobilize, because of the high
thermal power of Cs, its long lifetime, its tendency to form water soluble com-
pounds, and its volatility at elevated temperatures during waste-forms synthesis [1–
4]. Safe and reliable storage of high level Nuclear waste like Cs is a primary
concern of next generation nuclear energy development and it is critical to
understand the characteristics of nuclear spent fuel and how it affects the storage
environment. One strategy for immobilizing the Cesium cation is to incorporate it
into a ceramic or glass matrix from which it is difficult to remove. Hollandite
ceramics have been extensively studied for this purpose and are generally regarded
as being more leach resistant than glass [5]. Hollandite is one of the major phases of
Synroc, a multiphase ceramic matrix also containing zirconolite and perovskite
phases [6] that is being considered as a matrix for immobilizing Cs resulting from
enhanced separation of fission product solutions from spent fuel reprocessing [7].
The long-term effects of radiation on waste form solids is a critical concern in the
performance assessment of the long-term containment strategy [8].

Hence, A 2D model is built to monitor the effect of volume fractions, surface
areas and different shapes of dispersion phases on nuclear waste material. More-
over, A Multiphysics model of heterogeneous microstructure that represents the
actual waste form material has been created by a Voronoi tessellation method, so
that the critical variables (material and structural) that control the elemental release
rate of that material could be identified and controlled. Finally, a comparison
between different morphologies of dispersion phases in heterogeneous waste form
materials is presented to identify the maximum nuclear waste confinement
parameters.

Method of Analysis and Model Set-up

The primary goal of the present research is to set a Multiphysics model of the
diffusion of waste phase material out of a heterogeneous waste form material on the
as-prepared microstructure, so that the critical variables (material and structural)
that control the elemental release of that waste material could be identified and
controlled. The basic governing equation in the developed simulation technique is
the Nernst-Plank Equation, which describes the transport behavior of chemical
species by diffusion, migration and convection present in the waste form material.

Ni = −Di∇ci − zium, iFci∇∅+ ciu ð1Þ

Here, Ni (mol/m2 s) is the flux of chemical species, i, Di (m
2/s) is the diffusion

co-efficient of the same species, i, ∇ci (mol/m3) is the concentration gradient of ion,
i, zi is the valance of the species, F is the Faraday constant, ∇∅ is the electrolyte
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potential gradient and u (m/s) is the mass velocity vector. Absence of fluid flow
within the geometry of our current problem, renders the velocity term ui to zero,
and since there is no electrical potential applied over the boundaries, the migration
term becomes zero. Hence, the leaching of cesium ions will be carried out mainly
by the diffusion of the waste species present in the waste form to an exit surface in
present case.

Figure 1 shows our representative volume element (in 2D), in which all interior
boundary surfaces is specified with zero-flux boundary conditions to ensure iden-
tical behavior in all interior directions, and one of the boundaries is kept as “free” to
represent outer environment region. F. Rabbi et al. (our previous team) [9] selected
a similar kind of representation with different Initial Concentration of different
phases. Nernst-Plank Equation Module under Chemical Reaction Engineering
Module of COMSOL Multi-Physics has been used throughout the presented study.

Figure 1 represents two different phases of the Cesium waste form with different
Cesium diffusion co-efficient as well as initial concentrations. The diffusion
co-efficient were maintained to insure the over-all Diffusion co-efficient ratio of 0.1
(i.e. diffusion co-efficient of inclusions materials for Cs: 10−9 m2/s and diffusion
co-efficient of matrix materials for Cs: 10−8 m2/s).

The ionic conductivity of Cs in a hollandite structure [10–12] gives us the
diffusion co-efficient of the domains here. And based on the Nernst-Einstein rela-
tion, the diffusion co-efficient is given by Eq. (2).

σ =
Z2
i e

2Ci

KBT
Di ð2Þ

Three out of four edges of our RVE have been given periodic boundary con-
ditions whereas the remaining boundary was kept “open” (i.e. very low Cs con-
centration (0.01 mol/m3)) which facilitates the flow of the chemical species. The
observed flow gives us the estimation of elemental boundary flux out of the waste
form. Equation (3) describes the periodic boundary conditions, which in turn means

Fig. 1 Two-dimensional
RVE used for computational
study
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that no flux transport occurs out of the system over these boundaries either
chemically or electrically.

− n ⋅ Ni = 0 and − n ⋅ Nv = 0 ð3Þ

And the Dirichlet boundary condition has been applied to the open boundary
given by the equations in (4).

Ci =C0 j and V =V0 ð4Þ

where, C0 j =C0, Cs kept as 0.01 mol/m3 and V0 = 0 V.
No global (fixed and constant) concentration gradient to drive the diffusion of

stored waste material is present in the beginning. Only specific concentrations in the
individual storage phase material have been applied, so that the local concentration
gradients drive the diffusive flux, i.e., mathematically it is an initial value problem.

Voronoi tessellation techniques have also been used to generate 3D represen-
tations of the as-prepared models of the material, and similar kinds of model set-up
as explained above were chosen for the analysis. The influence of Grain-Boundaries
on the exit flux were analyzed, again with the same simulation procedure.

Results and Discussion

Influence of Volume Fraction on Boundary Flux

Here the volume fraction of stored material/secondary phases is varied while
keeping the relative concentration of stored waste phase constant relative to the
bulk matrix phase, for cases in which the storage volume consisted of one, four,
nine, or sixteen particles. Conspicuously the surface of the storage phase is
increasing sharply for those choices, with the smallest area being the largest (single)
particle. However, the results also indicate a non-intuitive result. In Fig. 2 the
calculations indicate that the sensitivity to morphology details has a kind of
“threshold” at a volume fraction of about 0.4, below which there is comparatively
little sensitivity of exit flux to the size of the storage phase particles (for a given
volume fraction of storage phase). While this is an important design parameter, it
could be assumed that a practical storage material would have a minimum of the
order of 40% of the storage phase material in most situations.

Influence of Surface Area on Boundary Flux

Figure 3a provides insights onto the released flux when the stored waste phase in
one particle (for a given volume fraction of 0.5 in this example), is divided into
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multiple particles, calculated at consecutive time periods. The calculation was done
for divisions up to 16 particles. The results suggest that increasing the surface to
volume ratio of the stored material by distributing the waste in small particles
versus a single large one creates more exit flux loss of stored material, especially in
the early life of the waste form material for this model scenario.

A similar calculation with increased number of inclusions is shown in Fig. 3b (a
situation more likely to apply to a manufactured condition for a heterogeneous
manufactured material form). The initial (“Day 0”) case produces a quite similar
result to Fig. 3a, but the difference diminishes after some time of storage, and over
long periods of time the particle size effect becomes a minor parameter.

Fig. 2 Boundary flux for various volume fractions of stored waste material when divided into
different numbers of particles

Fig. 3 Predicted elemental flux out of the waste form volume as a function of the number of
inclusions for a given volume fraction a Small number of inclusions b large number of inclusions
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Separately, the calculation has been done for surface to volume ratio and relative
surface area (compared to a unit circle) as a function of the number of times that
area is divided, and plotted as the results shown in Fig. 4. We observe quite similar
shaped curves as in Fig. 3b and the general curves in Fig. 3a. We conclude that for
an initial period of service, the flux from the waste form is proportional to the
surface to volume ratio of the waste storage particle/phase materials. We also note
that after some period, the surface to volume ratio becomes less important, and that
its influence continues to diminish after that.

Influence of Shapes on Boundary Flux

The influence of distributed phase shapes on released flux was determined for ellip-
tical and circular particles. An example of those results is shown in Figs. 5 and 6.
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Fig. 5 Variation of flux concentrations and vector magnitudes when the same volume fraction of
waste material is configured into elliptical versus circular particles
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Figure 5 shows the local flux vectors and the global concentration variations as
the compared waste forms progress through 100,000 days. First, the local flux
vectors in the circular case are larger than for the elliptical particles, but it must be
remembered that the total surface area (for fixed volume fraction) of the elliptical
particles is much greater than for the circular particles (which have a minimum
surface to volume ratio for all shapes). As a result, it also is seen that, for example at
50,000 days, the global concentration is nearly uniform in directions perpendicular
to the exit surface normal (i.e. the influence of the individual particle geometry is no
longer dominant) while that condition is only reached at 100,000 days for the
circular particle case. So, again, this confirms that the major effects of the particle
geometry, when all other variables are held constant, is the influence on the early
rate of loss of the waste material to the external surfaces, which may be important to
efforts to control the inevitable peak in the flux that occurs in the early life of the
waste forms. Figure 6 shows this result in a plot of the exit flux versus time for the
two geometries. The elliptical inclusions have more flux in early life, and less in
later life, as we discussed.

Fig. 6 Variation of exit flux when the same volume fraction of waste material is configured into
elliptical versus circular particles
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Study of Space-Filling and “Real” Microstructures

Figure 7a shows a Hollandite-Nd2Ti2O7 waste form material morphology. Calcu-
lating the actual flux out of such materials has been facilitated by using
as-manufactured microstructures from tomography and renderings generated by
other team members; however, it is extremely important that we be able to vary the
parameters systematically that control such microstructures with the help of general
information from such studies. This was enabled in the present situation by using a
Voronoi tessellation method to create space-filling morphology that can be sys-
tematically changed. This enables systematic basic studies to establish foundation
concepts for waste forms. In other words, it would be great to know if it is better to
store waste material in one large volume/storage phase surrounded by the con-
taining phase, or to store it in smaller second phase grains in a heterogeneous solid
form.

An example of such a study is given by the comparison shown in Fig. 8. The
volume fraction of waste storage phase in all calculations was Vf = 0.5176. As
shown in the left image of Fig. 8, the material is distributed in a heterogeneous
microstructure (e.g. the dark phases) and in the comparison case it is concentrated
in a single spherical (e.g. circular in our 2D study) particle as shown in the right
image. Figures 9 and 10 present the released flux results of this study of “real”
morphology having contiguous phases, for a short term (5 days) and long term
(100,000 days) respectively. From Figs. 9 and 10 one of the conclusions can be
drawn is, creating heterogeneous waste forms with material distributed into several
small distributed phase (contiguous) regions (for a given volume fraction) results in
reductions of released waste material from that volume, by more than an order of

Fig. 7 a Heterogeneous morphology of a hollandite-Nd2Ti2O7 waste form material made by the
present team. b Heterogeneous morphology created by a Voronoi tessellation method
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Fig. 8 Segmented heterogeneous morphology (left) compared to a single second phase of storage
material (right) as a comparison
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Fig. 9 Exit surface flux on 5th day for heterogeneous multigrain waste form with Vf = 0.5176
compared to single waste grain inclusion, shown in Fig. 8
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Fig. 10 Exit surface flux on 100,000th day for heterogeneous multigrain waste form with
Vf = 0.5176 compared to single waste grain inclusion for all surfaces of the computational
morphology, shown in Fig. 8
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magnitude in the present example. This is one of the foundation concepts and
motivations for heterogeneous waste forms at the fundamental level, and confir-
mation of that storage method.

Another conclusion is that the morphology matters, i.e., the flux magnitudes for
the left, right, top, and bottom open boundary of the single analysis cell are not the
same, a difference that can only be driven by the different microstructure that
“faces” those respective exit surfaces since all other variables are held constant. In
that context, Figs. 9 and 10 also show that the heterogeneous multigrain waste form
has an even greater advantage (lower lost storage material) compared to the single
particle situation for the long-term storage case than for the short term, again
suggesting that the advantage is a bulk effect and not a near-surface phenomenon.
One could talk about the near-surface grain effects in that context, but Fig. 10
shows that the difference is larger for long term than for short term, an opposite
order from the result suggested by near-surface behavior. Further confirmation of
this point is made by the computational results shown in Fig. 11.

Figure 11 compares the exit flux vectors of the case when the exit surface is at top
compared to the case when the exit surface is the at the bottom of the computational
volume at 100,000 days (advanced condition). For this problem in which the stored
material in selected grains must travel down the concentration gradients and around
other particles in a disordered microstructure, the paths are not the same, and therefore,
the flux is not the same for a given point in time, volume fraction, etc. This is further
motivation for developing an understanding and modeling capability for this problem.

Conclusion

We have successfully formulated a 2D conformal model of the functional perfor-
mance of nuclear waste form materials and used that model to draw conclusions on
behavior and performance of those materials. Some of our salient conclusions are
summarized below.

Fig. 11 Exit surface flux paths from top exit surface (left) and bottom exit surface (right)
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Leaching of storage material in these heterogeneous materials is greatly influ-
enced by their morphology details and has a “threshold” at a volume fraction of
about 0.4 for our models. Below 40% volume fraction, the exit flux shows very little
change with respect to the size of the storage particles. We also conclude that for an
initial period of service, the flux from the nuclear waste form volume under study is
proportional to the surface to volume ratio of the waste storage particle/phase
materials. That effect diminishes and becomes less important at the longer periods
of storage time.

Along with the size and surface area, shape of the storage phases is also one of
the controlling parameters for elemental flux release out of waste form materials as
demonstrated by comparison between circular and elliptical inclusions where the
later type has greater total surface area (while keeping other parameters constant)
than the prior, and as a result, the global concentration becomes nearly uniform over
the considered volume considerably earlier in the case of elliptical inclusions that
for circular ones. Hence, carefully synthesized microstructures can result in sig-
nificantly accelerated or delayed leaching of the stored nuclear waste.

Our results also show that heterogeneous materials with high numbers of grains
have exit flux values typically one order of magnitude less than storage phases
which contain waste material in a single particle or mass.

We have also developed 3D models, and find consistent results for flux distri-
butions both over short and long periods compared with the 2D model presented in
this paper. However, 3D models may be preferred for accuracy and estimation of real
world physical values of exit flux. The results will be presented in our subsequent
publications. For maximum nuclear waste confinement, heterogeneous structures
with higher numbers of grains per unit volume are preferred morphologies.
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Compare the Energies of Different
Structures in Aluminium Electrochemical
Cell

Mohsen Ameri Siahooei, Khirollah Mehrani and Mohammad Yousefi

Abstract The fluoroaluminate molten salts are used in the Hall-Heroult industrial
process for the production of aluminum by electrolysis. To better understand the
mechanism of the dissolution of alumina (Al2O3) in cryolitic melts, we have studied
the structure stability of these anions The initial structural models of [Al2OF6]

2−,
[Al2O2F4]

2−, [Al2O2F6]
4− and [Al2OF10]

6− were generated using Gauss View Since
this study attempts to compare the energies of different oxofluoroaluminum struc-
tures, the geometries should be optimized at an accurate level of theory Therefore,
geometry optimizations and energy calculations were carried out by B3LYP density
functional while several basis sets including 6-31g, 6-311g**, 6-311g** and 6-311
++g** were used. Furthermore, solvent effect on structural energies was investi-
gated through incorporation of conductor-like polarizable continuum model
(CPCM) at B3LYP/6-311++g** level of theory the structure was optimized at
different levels by applying CPCM solvent model. Similar calculations were
performed for the other complex structures and similar results were obtained
for them. Based on the energy values, the following stability order is achieved:
[Al2O2F4]

2− < [Al2OF6]
2− < [Al2O2F6]

4− < [Al2OF10]
6−.

Keywords Fluoroaluminate molten ⋅ Hall-Heroult industrial process

Introduction

Chemical and electrochemical reactions taking place at or near the anode and
cathode of Hall-Héroult cells are of great practical and theoretical importance.
Although not fully understood, in spite of extensive research, enough is known to
form a reasonable consistent picture. While the carbon lining of the cell is often
called the cathode, the true cathode is the molten aluminium that rests on it.
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The prebaked carbon blocks are suspended in the electrolyte to form the anode of
the cell.

Enthalpies of formation and Gibbs free energy of formation of Al6(OH)18
(H2O)x(x = 0-6), Al2O3 ⋅ 3H2O, Al(OH)6

3−, Al(OH)4(H2O)
2− and Al(OH)4− are

calculated at B3LYP/6-31G, 6-31G and B3LYP/6-311++G(3d2p) levels respec-
tively with Dipole and Sphere solvent model by DFT and ab initio methods.

Especially, in the process of Al(OH)3 crystals precipitating from supersaturated
sodium aluminate solution, Al6(OH)18(H2O)x(x = 0 − 6) is the favorable growth
unit, Al(OH)6

3− is the structure unit of growth units and Al(OH)4(H2O)
2− is the

minimum growth unit. Using DFT Method [1].
The experimentally well-known alumina solubility in the range of acid to neutral

cryolite-base melts has been modeled thermodynamically in terms of several
oxyfluoride solutes. For an acidic melt, cryolite ratio (CR) = 0.5, the dominant
solute is monoxygen Na2Al2OF6. In a less acidic regime, dioxygen Na2Al2O2F4 is
dominant, whereas for neutral alumina solubility in the compositions (CR = 3)
Na4Al2o2F6 starts to gain importance. The fit of the model to the experimental
solubility data is virtually perfect. The values of the equilibrium constants for the
formation of the individual solutes are reported [2].

Cryolitic liquids (NaF-AlF3 binary system) with dissolved aluminum oxide
(Al2O3) are used for the production of metallic aluminum by the Hall-Heroult
electrolytic process. To better understand the mechanism of the dissolution of
alumina (Al2O3) in cryolitic melts, we have studied the structure stability of these
anions in electrolyte.

Theoretical Method

A Gaussian 09 was employed to optimize the geometries and calculate energies.
Also, Hyper Chem and Gauss View were used for graphical illustrations.

2, 2—Selection of the molecular models and structure optimization.
The initial structural models of [Al2OF6]

2−, [Al2O2F4]
2−, [Al2O2F6]

4− and
[Al2OF10]

6− were generated using Gauss View. Since this study attempts to
compare the energies of different oxyfluoroaluminum structures, the geometries
should be optimized at an accurate level of theory. Former DFT based energy
calculations [3] ave confirmed that DFT approach can result in good agreement
with experimental data. Therefore, geometry optimizations and energy calculations
were carried out by B3LYP density functional while several basis sets including
6-31g, 6-311g**, 6-311g** and 6-311++g** were used. Furthermore, solvent
effect on structural energies was investigated through incorporation of
conductor-like polarizable continuum model (CPCM) at B3LYP/6-311 ++g**
level of theory (Fig. 1).
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For all structures, the initial geometries were supposed to have symmetric
configurations and the oxygen atoms were considered as the structural bridges. The
noticeable point is that in the [Al2OF6]

2− complex, the oxygen atom had formed a
110° angle bridge before optimization (Fig. 2) while it forms a 180° bridge, after
full optimization and acquiring structural stability. This finding is in good agree-
ment with the results of Zhang et al. [4]. It is noteworthy that [Al2OF10]

6− is
unstable in gas phase and it should be concerned in solvent phase. As a conse-
quence, the structure was optimized at different levels by applying CPCM solvent
model. Similar calculations were performed for the other complex structures and
similar results were obtained for them.

Fig. 1 Geometry optimizations structural models of [Al2OF6]
2−, [Al2O2F4]

2−, [Al2O2F6]
4− and

[Al2OF10]
6−

Fig. 2 [Al2OF6]
2– before

optimization
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Results and Discussion

The calculated energy values of the four complexes are reported in Table 1.
According to this table, moving from 6-31 g to 6-311 ++g** basis set, i.e.

adding polarization and diffusion functions to the basis set, reduces the computed
energy and predicts further energy stabilization. Meanwhile, the addition of the
second diffuse function has no effect. Based on the energy values, the following
stability order is achieved:

[Al2O2F4]
2− < [Al2OF6]

2− < [Al2O2F6]
4− < [Al2OF10]

6−.
One of the interesting findings of Table 1 is that the solvent affects and stabilizes

[Al2O2F6]
4− more than any other complex. Also, the solvent stabilizes the

[Al2O2F4]
2− and [Al2OF6]

2− complexes by 186.62 and 173.43 kJ mol-1 energy
compared to the gas phase, respectively. As experiments declare, first [Al2OF6]

2−

complex forms and then [Al2O2F4]
2− would generate. Moreover, higher solubility

is reported for [Al2O2F4]
2− [5]. Our observations verify these statements so that the

solvent stabilizes [Al2O2F4]
2− more than [Al2OF6]

2−. In order to calculate the
chemical shielding tensor of 17O nuclei, GIAO approach was used. The extent of
isotropic chemical shielding was calculated by Gaussian package. The chemical
shift of oxygen nuclei in [Al2O2F4]

2− and [Al2OF6]
2− complexes was computed to

be respectively 35.73 ppm and −7.4 ppm. Robert et al. [6] have experimentally
found out that the chemical shift reduces from 25 ppm to 8 ppm, for [Al2O2F4]

2−

and [Al2OF6]
2−, respectively. The differences between the experimental and the-

oretical values are attributed to the fact that the theoretical results are associated
with gas phase calculations. Also, it should be noted that in the experimental
medium, the two species coexist and the chemical shift values in the solvent phase
are the average values regarding their simultaneous presence. Therefore, where X
represents atomic fraction of oxygen in each complex. Further details and equations
are discussed in Ref [7].

Table 1 Comparison the calculated energy values of the four complexes are reported

[Al2OF6]
2 [Al2O2F4]

2 [Al2O2F6]
4− [Al2OF10]

6−*

B3LYP/6-31g −1159.587 −1035.017 −1234.074 −1559.600
B3LYP/6-311g** −1160.017 −1035.391 −1234.541 −1560.225
B3LYP/6-311+g** −1160.081 −1035.443 −1234.673 −1560.418
B3LYP/6-311++g** −1160.081 −1035.443 −1234.673 −1560.418
B3LYP/6-311++g** (CPCM) −1160.358 −1035.741 −1235.789
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Manganese Influence on Equilibrium
Partition Coefficient and Phase
Transformation in Peritectic Steel

Huabiao Chen, Mujun Long, Wenjie He, Dengfu Chen, Huamei Duan
and Yunwei Huang

Abstract The equilibrium partition coefficient (k) affected by chemical component,
phase constitution and temperature is a critical parameter related to solutes distri-
bution during steel solidification. In this study, the effect of Mn on equilibrium
partition coefficient and phase transformation was quantitatively analysed. A tech-
nique according to the relative amount of δ-Fe and γ-Fe to determine the equilib-
rium partition coefficients of solutes in L, δ-Fe, and γ-Fe three-phases coexistence
zone was proposed. Results showed that Mn promotes the generation of γ-Fe and its
effect on peritectic reaction zone is significant. The equilibrium partition coefficients
were determined based on the phase change and relative amount of δ-Fe and γ-Fe
according to the solidification paths which undergo difference phase coexistence
zone. All of kδC, k

δ
Si, k

δ+ γ
Si , kδP, k

δ+ γ
P , kδS, and k

δ+ γ
S decrease with Mn increasing, while

kδ+ γ
C increases due to solute Mn promote the generation of γ-Fe forming from
peritectic reaction.

Keywords Equilibrium partition coefficient ⋅ Phase transformation
Solute interaction ⋅ Thermodynamic calculation

Introduction

Solute segregation is one of the most severe defects encountered in steel products.
The root cause for it is solute redistribution, and which is closely related to the
equilibrium partition coefficient (k) of solutes during solidification. k is a critical
parameter showing the potential and diffusion direction of solute segregation in an
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alloy solidification system [1]. Generally speaking, the lower k is, the more serious
segregation it would be [2], such as sulfur and phosphorous, which have a strong
tendency to segregation in steel [3]. Obviously, k is a key parameter which affects
the solutes redistribution in mushy zone and closely relates to the accuracy of
segregation calculation [4].

As we know, k actually depend on chemical components, phase constitution of
mushy zone and temperature rather than being constants [5–7]. Ueshima et al. [8, 9]
brought in phase transformation from δ-Fe to γ-Fe criterion based on the iron based
binary phase diagram and discussed the solutes distribution in δ-Fe and γ-Fe. Zhu
et al. [3] pointed out that the peritectic reaction does much effect on the segregation
behavior of solutes due to the properties (diffusion and partition) of δ-Fe and γ-Fe
are distinctly different. Additionally, You et al. [6, 7] developed a
micro-segregation mold which employed temperature-dependence k, the solutes
concentration profiles calculated form constants and temperature-dependence k ex-
hibit significant differences. Even so, due to the lack of data, k evaluated from
binary or ternary systems was usually assumed as constant and used in the
microsegregation [3, 10] and macrosegregation [11, 12] predictions in
multi-components steel.

In the previous studies, k of solutes in steel are nearly treated as constants.
Besides, as for the phase transformation, from L → δ-Fe to L → γ-Fe, k of solutes
in δ-Fe and γ-Fe are simply differentiated based on the peritectic point temperature.
However, as the peritectic reaction occurring, the solidification path will undergoes
a three-phases coexistence zone of L, δ-Fe, and γ-Fe, in which k of solutes between
L, δ-Fe, and γ-Fe (kδ+ γ) during steel solidification are scanty. Furthermore, He et al.
[13] proposed the solute Mn causes a leftward shit of the peritectic point, solute Mn
affects the peritectic reaction significantly, while solute Si has less impact on it.
Predictably, the effect of Mn on k of solutes in steel is also significant.

In this paper, a thermodynamic calculation model for k of solutes in
multi-components steel was established. Due to the harmful elements (S, P) and
micro-alloying elements in peritectic steel maintained at low levels, only the solute
Mn was selected to investigate the effect on k. The effects of solute Mn on the
solidification path and the quantitative evolution of k with the changing of phase
fraction were investigated. Furthermore, a technique to determine k of solutes in
coexistence zone of L, δ-Fe, and γ-Fe three-phases is proposed. The evolution of
k in three-phases coexistence zone and the effect of solute Mn on it are emphatically
discussed.

Thermodynamic Model Description

For any multicomponent iron-based alloys, chemical potential of element i in solid
(Gs

i ) and liquid phases (GL
i ) mush be equivalent when the system reaches equi-

librium status [14]. That is,
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G0, S
i + RTln γSi w

S
i

� �
= G0, L

i + RTln γLi w
L
i

� � ð1Þ

where wi is the concentration (wt. pct.) of solute i. γi is activity coefficient. G0
i is

chemical potential in standard state. Superscripts S and L denote solid and liquid
phases, respectively. R is the gas constant and T is thermodynamic temperature.

Solving for the concentration ratio from Eq. (1), the formula for equilibrium
partition coefficient of solute i is obtained [14]. That is,

ki =
γLi
γSi

exp G0, S
i − G0, L

i

� �
̸RT

� � ð2Þ

The equilibrium partition coefficient of solute i between δ-Fe and L (kδi ), or
between γ-Fe and L (kγi ) can be calculated from Eq. (2). As for the three-phases
(L, δ-Fe, and γ-Fe) coexistence zone, k0, δ+ γ

i can be calculated from Eq. (3) [15].

k0, δ + γ
i =

mδ

mδ +mγ
k0, δi +

mγ

mδ + mγ
k0, γi ð3Þ

where mδ and mγ are mass of δ-Fe and γ-Fe at the same temperature, respectively.
This thermodynamic calculation model of k for steel were processed with the

Equilib module of FactSage 6.3, in which the database (FSstel) is selected [16].
Sone more details and the validity about this thermodynamic model are available in
our previous production [15]. In this present work, the evolution of k with δ-Fe and
γ-Fe fraction for a series samples with different Mn content are quantitatively
analyzed basing on the steel solidification path.

Results and Discussion

Phase Diagram and Solidification Path

The main composition of sample series with different Mn content are listed in
Table 1. The Fe-C phase diagram of sample S1 and S6 were calculated and shown
in Fig. 1, indicating that the effect of Mn on the solidification path is significant. As
the results shown, the solidification paths of both sample S1 and sample S6 undergo
the coexistence zones of L plus δ-Fe and L plus δ-Fe plus γ-Fe in sequence.
However, unlike sample S1, as Mn added into steel, the liquidus and solidus
temperature lower, and the inverted triangular zone of peritectic reaction is shifted
toward the low-carbon end of phase diagram, which agrees well with the results
reported by He [13]. In addition, due to the leftward shift, the three-phases
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coexistence zone of L, δ-Fe and γ-Fe of S6 is enlarged comparing with that of S1.
Therefore, k of solutes in steel should be quantitatively determined basing on the
change of phase (L, δ-Fe, and γ-Fe) which is affected by the Mn content in steel.

Equilibrium Partition Coefficient Versus Phase Fraction

The evolution of L, δ-Fe, γ-Fe and kC during sample S2 solidification are shown in
Fig. 2. It is obvious that L begins to transform into δ-Fe since the temperature
decrease to 1797 K. In the coexistence zone of L and δ-Fe, C distributes between
δ-Fe and L, and kδC is almost constant. As the temperature falls below 1755 K, the
peritectic reaction (L + δ-Fe → γ-Fe) occurs and the γ-Fe forms, which results in
δ-Fe content decreasing, while γ-Fe content increasing. In the three-phases coex-
istence zone, C distributes between δ-Fe, γ-Fe, and L, and kδ+ γ

C increases sharply
due to the increasing generation amount of γ-Fe. As the temperature reduces to
1753 K, S2 system solidifies completely.

Table 1 The main chemical
composition of selected steels
(wt%)

Sample series C Si Mn P S

S1 0.1 0.25 0 0.012 0.006
S2 0.1 0.25 0.35 0.012 0.006
S3 0.1 0.25 0.85 0.012 0.006
S4 0.1 0.25 1.35 0.012 0.006
S5 0.1 0.25 1.85 0.012 0.006
S6 0.1 0.25 2.00 0.012 0.006
S7 0.1 0.25 2.35 0.012 0.006

Fig. 1 The phase diagram
and solidification path of
sample S1 and sample S6
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The evolutions of kSi, kMn, kP, and kS for S2 system are showed in Fig. 3. As
shown in Fig. 3a, kδSi increases with decreasing temperature. When the temperature
falls below from 1796 to 1756 K, kδSi increases from 0.611 to 0.691, increasing by
13.1%. Obviously, the influence of temperature on kδSi is not ignorable. In the
three-phases coexistence zone, due to the generation of γ-Fe, kδ+ γ

Si has a slightly
reduction with the fact that kγSi is slightly less than kδSi [4]. The evolution of kMn is
shown in Fig. 3b. In contrast to solute Si, kδMn is increased with decreasing tem-
perature. In the three-phases coexistence zone, kδ+ γ

Mn increases sharply due to the
fact that kγMn is greater than kδMn [4]. From Fig. 3c and d, it is obviously that kP, and
kS shows the similar variation trend with phase fraction. Both kδP and kδS are
increased slightly with temperature decreasing, while in three-phases coexistence
zone, kδ+ γ

P and kδ+ γ
S decrease rapidly. This is because kδP and kδS are roughly around

two times of kγP and kγS, respectively.

Effect of Mn Content on Phase Fraction and Equilibrium
Partition Coefficient

The evolutions of kC in Fe-0.2%C, Fe-0.2%C-1%Mn, and Fe-0.2%C-2%Mn systems
are shown in Fig. 4. It is obvious that the addition of Mn will lead to the reduction
of kC either in δ-Fe or γ-Fe, and the extent of the reduction enlarges with increasing
the amount of Mn content. This is because the interaction coefficient between
solutes C and Mn (εMn

C ) is negative, which will lead to the activity coefficient of C in

Fig. 2 Evolution of phase fraction of L, δ-Fe, γ-Fe, and kC in S2 system
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L (γLC) decreasing. In order to keep the balance of chemical potential of solute C
between liquid and solid phase in the solidification system, the concentration of
solute C in liquid will be increasing spontaneously, which result in the reduction
of kC.

Fig. 3 Evolution of a kSi, b kMn, c kP, and d kS in S2 system

Fig. 4 The influence of Mn
on kC in δ-Fe and γ-Fe
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The evolution of kC with phase fraction of L, δ-Fe and γ-Fe in samples (from S1
to S6) with different Mn contents are shown in Fig. 5. As the results showing in
Fig. 5a, kδC in these samples decreases with increasing Mn content. This agrees with
the point that the addition of Mn will lead to the reduction of kC. Instead, in the
three-phases coexistence zone, kδ+ γ

C increase with increasing the addition amount of
Mn. This phenomenon is closely related to the relative amount of δ-Fe and γ-Fe in
the three-phases coexistence zone. As the peritectic reaction occurring, showing in
Fig. 5a–c, L and δ-Fe transform into γ-Fe, and the generation amount of γ-Fe
increases with increasing Mn content. In the three-phases coexistence zone, kδ+ γ

C is
mainly related to the amount of γ-Fe for these samples. The greater the amount of
γ-Fe, the greater the kδ+ γ

C is.
As the results showing in Fig. 6, the average values of kδ+ γ

C , δ-Fe fraction and
γ-Fe fraction in three-phases coexistence zone are extracted alone to quantitatively
analyze the evolution of kδ+ γ

C . The Mn addition promotes the generation amount of
γ-Fe from the peritectic reaction. Comparing with the interaction of C and Mn
(εMn

C ), the effect of the γ-Fe amount increasing with Mn content on kδ+ γ
C is more

Fig. 5 The influence of Mn
content in steel on kC and
phases fraction: a kC , b phase
fraction of γ-Fe, c phase
fraction of δ-Fe, d phase
fraction of L
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significant due to the fact that kγC is roughly around two times of kδC. And this is the
reason why kδ+ γ

C increase with increasing Mn content in the three-phases coexis-
tence zone.

The influence of Mn content on kSi, kMn, kP, and kS are shown in Fig. 7. Due to
the fact that εMn

Si is negative, Mn added into steel will leads to kSi decreasing. In
contrast to solute Si, kMn increases with increasing Mn content, which means the
self-interaction of solute Mn is positive. The effect of Mn on kP, and kS is similar.
Both of εMn

P and εMn
S are negative, which means kδP and kδS decrease with increasing

Mn content. In the three-phases coexistence zone, kδ+ γ
P and kδ+ γ

S decrease very
sharply with the fact that kγP and kγS are roughly a half of kδP and kδS. From another
perspective, this indicates the effect of phase constitution of mushy zone on k is
more significant than the solutes interaction.

The quantitative relation among average k, phase constitution and Mn content in
the coexistence zones of L plus δ-Fe and L plus δ-Fe plus γ-Fe are shown in Fig. 8.
As the addition of Mn increasing from 0 to 2.0 wt%, the average kδSi decrease from
0.669 to 0.561, the deviation is 16.1%. And the average kδ+ γ

Si decrease from 0.719

Fig. 6 a The evolution of
average kδ+ γ

C , b the variation
of phase fraction of δ-Fe and
γ-Fe in three-phases
coexistence zone
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to 0.602, decreasing by 16.3%. Therefore, the influent of Mn content on kSi is not
ignorable. As the addition of Mn increasing from 0.35 to 2.0 wt%, average kδMn and
kδ+ γ
Mn increase as low as 1.6% and 5.7%, respectively. The influence of Mn on itself
partition coefficient is almost ignorable. It is obvious that the reduction of average
kδP with increasing Mn content is negligible. However, as the peritectic reaction
occurring, the average kδ+ γ

P reduces from 0.32 to 0.207 when the addition of Mn
increasing from 0 to 2.0 wt%, the deviation is 35.3%, which is very significant.
Similar to P, kδ+ γ

S reduces by 39.4% when the addition of Mn increasing from 0 to
2.0 wt%. The effect of solute Mn on k is significant in peritectic steel because it
promotes the generation of γ-Fe from peritectic reaction.

Peritectic Reaction with Liquid Phase Residual

As mention above, solute Mn in steel promotes the generation of γ-Fe while the
peritectic reaction occurs and the effect on k is significant. In the peritectic reaction

Fig. 7 The influence of Mn
content in steel on a kSi,
b kMn, c kP, and d kS
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zone of samples (from S1 to S6), L and δ-Fe transform into γ-Fe. At the end of the
peritectic reaction, L is exhausted and these systems solidify completely. As the Mn
content in steel further increasing, the solidification path has a big change. As the
results shown in Fig. 9a, after the peritectic reaction in S7 system, phase L is
residual and the residual L further transform into γ-Fe with the decreasing of
temperature. In short, L plus δ-Fe, L plus δ-Fe plus γ-Fe, and L plus γ-Fe coexist in
sequence during the solidification of S7. For this case, k of solutes in steel should be
strictly determined according to the solidification path. As the results shown in
Fig. 9b, kC further increases after the peritectic reaction.

Fig. 8 Average k of solutes
in two-phases (δ-Fe and L)
and three-phases coexistence
zone: a Ave kSi, b Ave kMn,
c Ave kP, d Ave kS
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Conclusions

• Mn addition results in the peritectic reaction zone shifting toward the
low-carbon end of phase diagram.

• The solute Mn promotes the generation of γ-Fe from peritectic reaction. k should
be strictly determined according to solidification path.

• A technique based on the phase relative amount in the three-phases coexistence
zone of L, δ-Fe and γ-Fe to determine k is proposed.

• The effect of phase constitution on kC, kP, and kS is more significant than the
solute interaction of Mn, while the effect on kSi and kMn is weak.
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Mathematical Modeling on the Fluid Flow
and Desulfurization During KR Hot Metal
Treatment

Chao Fan, Alexis GoSa, Lifeng Zhang, Qingcai Liu and Dayong Chen

Abstract In the current study, the fluid flow and desulfurization in a 160 t KR
ladle were simulated using FLUENT combined with user-developed subroutines.
The velocity distribution of the hot metal, the motion and distribution of CaO
particles, and the desulfurization rate of the hot metal were calculated. With the
increase of rotation speed of the impeller, the velocity of CaO particles increased as
well, which resulted in the increase of desulfurization efficiency. The desulfuriza-
tion rate varied at different positions of the ladle, with a higher rate in the higher
speed zone and slower in the dead zone. The desulfurization rate increased slightly
with growing rotation speed of the impeller. When the particle diameter increased
from 1.3 to 2 mm, the desulfurization rate decreased approximately 3 or 4 times.

Keywords Hot-metal pretreatment ⋅ KR ⋅ Desulfurization ⋅ Desulfurizer
particle ⋅ Fluid flow ⋅ Mathematical modeling

Introduction

As demand for high-quality steel increases, high efficiency of hot metal desulfur-
ization has become one of main objectives in the steelmaking process. Sulfur which
is harmful in most steel always leads to the crack on the surface of steel when the
temperature is very high [1]. Almost all of the sulfur in hot metal can be removed
by hot metal pretreatment in the process of steelmaking. Kambara Reactor (KR)
desulfurization is widely used as a high efficiency and low cost desulfurization
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method [2, 3]. During KR stirring process, the CaO particles are involved into hot
metal by the cross impeller which is rotating at a high speed under the liquid level
[4]. The desulfurization reaction between sulfur and CaO particles that occurred in
hot metal was investigated by CFD software, because the fluid flow and particles
distribution in invisible hot metal internal were invisible only by the experiment. In
the current study, the multi-phase flow and the distribution of added CaO particle
during KR stirring process were firstly discussed. Then, the characteristics of
desulfurization reaction within the metal steel was investigated with the in-house
user-developed subroutines. Finally, the effects of rotation speed of the impeller,
immersion depth of impeller, and size of CaO particles on the desulfurization
reaction were compared.

Models

Calculation Domain and Mesh System

A schematic of calculation domain and meshes of the current model are shown in
Fig. 1. In order to simplify the calculation and avoid the convergence problem
caused by complex mesh, the bottom of hot metal ladle was regarded as flat which
was round in fact. The impeller was cross shape and the diameter of connecting rod
was 150 mm. The mesh type was unstructured hexahedral mesh with a total mesh
number of about 400,000. The sizes of the 160 t hot metal ladle and the impeller are
showed in Table 1 and Table 2, respectively [5].

Fig. 1 Schematic of calculation domain and mesh of the current model
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Models Used and Boundary Conditions

The turbulence model used in the calculation was standard k− ε model. In order to
obtain the vortex surface distribution, multiphase flow VOF model was used [6].
The desulfurizer particles were added via a discrete phase model (DPM) [7]. The
diameter of all the particles was 1 mm. The diffusion of S in hot metal and the
desulfurization of CaO particles were performed by solving UDS equations [8].

In the stirring process of KR desulfurization, CaO particles were added into the
hot metal to react with sulfur. The main reaction was shown as Eq. 1.

CaOðsÞ+ ½S�=CaSðsÞ+ ½O� ð1Þ

According to chemical reaction kinetics, the desulfurization rate can be
expressed as Eq. 2 by assuming that the rate-controlling step is the mass transfer of
[S] in hot metal.

−
d½S�
dt

= − k ⋅
A
Vm

⋅ ½S� ð2Þ

where, k is mass transfer rate, A (m2) is the interfacial area that can be expressed as
the sum of surface area of all particles, Vm is hot metal volume (m3), and [S] (ppm)
is the sulfur concentration in hot metal. The mass transfer rate, k, was obtained by
Eq. 3, which was proposed by Nakanishi et al. [9].

k=0.82×D0.5
s × v0.5t ×

Dt

2

� �− 0.5

ð3Þ

where Ds is the diffusion coefficient of S in hot metal (= 2.58 × 10−9 m2/s), vt is
the relative velocity of particle compared with hot metal (m/s), and Dt is the
diameter of particles (m). Desulfurization behaviors during KR stirring process
were estimated by Eqs. (1)–(3).

Table 1 160 t hot metal ladle size [5]

Diameter of top (mm) Diameter of bottom (mm) Height (mm) Liquid level (mm)

3200 3200 3600 3000

Table 2 Impeller size [5] Diameter (mm) Width (mm) Height (mm)

Top 1240 470 850
Bottom 1140 390
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The boundary conditions were set as follows:

a. The bottom and side wall of the ladle were non-slip walls;
b. The upper outlet of the ladle was a plane without shear stress;
c. The impeller wall was a rotation wall;
d. The rotation of hot metal and the stirrer were calculated by the multiple refer-

ence frame model (MRF) [10].

The properties of materials used in the calculation are shown in Table 3 [11, 12].

Results and Discussion

Flow Field

After the flow was stable, the streamline and the distribution of flow velocity under
the condition of the rotation speed was 120 rpm (revolution per minute) are pre-
sented in Fig. 2. As the figure shows, the flow of hot metal was divided into two
parts of the upper and lower circulation. The flow velocity of hot metal at different

Table 3 Materials physical
properties [11, 12]

Hot
metal

CaO
particle

Air

Density (kg/m3) 7100 2718 1.225
Viscosity (Pa ⋅ s) 0.0065 – 1.789 × 10−5

Molar mass
(g/mol)

56 56 29

Fig. 2 Predicted velocity field with the rotation speed of 120 rpm

434 C. Fan et al.



positions is very different. It can be seen that the flow velocity of hot metal is
inversely proportional to the distance from the stirring impeller. The flow velocity
besides the impeller reaches 7.0 m/s while near the wall it is below 2.5 m/s. The
movement of hot metal under the impeller is much worse than other positions. In
this paper, the zone in which the flow velocity of hot metal is below 0.5 m/s is
defined as dead zone. During the hot metal pretreatment, the dead zone always leads
to an increase of sulfur content after the desulfurization is finished.

Distribution of CaO Particles

Figure 3 shows the distribution of 20000 particles at different calculation times after
adding into the hot metal, when the rotation speed of the impeller was 100 rpm. It
can be seen that under the stirring effect from the impeller, the added particles
moved with the hot metal, and at 60 s, the distribution of CaO particles was
dispersed well within the hot metal. As the main desulfurizer, the movement and

Fig. 3 Predicted particle distribution at different moments

Mathematical Modeling on the Fluid Flow … 435



distribution of the CaO particles in the hot metal have significant effect on the
desulfurization rate. It is obvious that the CaO particles were moving with hot
metal, so the movement situation of CaO particles can be optimized by the opti-
mization of velocity field.

Desulfurization Process

The variation of sulfur content in the hot metal after the injection of CaO particles is
shown in Fig. 4, in which the rotation speed of impeller was 100 rpm and the initial
sulfur content was 600 ppm. As the figure shows, with the addition of CaO par-
ticles, the desulfurization reaction occurred in the hot metal. Figure 5 shows the

Fig. 4 Predicted sulfur content at different moments
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change of sulfur content monitored in three positions. Obviously, the desulfuriza-
tion rate at P-3 was much higher than P-1. The reason for this phenomenon is that
P-1 is in the dead zone where the flow is the worst in the ladle. On the contrary, P-3
is besides the impeller where the stirring is much stronger than other positions in the
ladle. In combination with Eq. (3), it can be seen that the rate of desulfurization was
increased due to the high stirring strength near the impeller and the faster rate of hot
metal regeneration.

Effect of Parameters on Desulfurization

In this paper, the desulfurization rate under different conditions were simulated,
respectively. Figure 6 shows the desulfurization results with different rotation
speeds (under the immersion depth of 1.85 m). From the result, it indicated that the
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desulfurization rate was slightly increased by the increase of rotation speed. That is
because the desulfurization rate is not directly effected by the rotation speed, but by
the relative velocity of particles compared with hot metal. The increasing rotation
speed has a little effect on the relative velocity.

The results of desulfurization rate with different immersion depths and particle
sizes are shown in Fig. 7 and Fig. 8, respectively. As Fig. 7 shows, the increasing
of immersion depth has no effect on the desulfurization rate. This is because with
the increasing of immersion depth, the desulfurization rate of the lower part of the
ladle was accelerated, but at the same time the desulfurization rate of the upper part
of the ladle was decreased, resulting in no change in the overall desulfurization rate.
Figure 8 shows the relationship between the desulfurization rate and particle size.
Here, three different diameters of CaO particles were calculated as a contrast. As the
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result shows, the desulfurization rate was greatly effected by the particle size. When
the particle diameter increased from 1.3 to 2.0 mm, the overall desulfurization
efficiency reduced by 3 times mainly due to the surface area reduction of particles.

Conclusions

The KR desulfurization process in hot metal under different conditions were
investigated by CFD. The conclusions are summarized as follows.

(1) During KR stirring desulfurization process in the ladle, the flow of hot metal
was greatly effected by the rotation speed.

(2) The movement and dispersion of CaO particles were simulated by DPM model.
After the desulfurizer was added into the ladle, it can be well dispersed in the
hot metal. The desulfurization reaction between the CaO particles and the S in
hot metal was also evident.

(3) Desulfurization behavior was simulated using the reaction model. The results
obtained show that the increasing of rotation speed and immersion depth have a
little effect on the desulfurization rate. It is a significant method to improve the
desulfurization rate by controlling the CaO particle size.

(4) The simulation of the KR desulfurization process seems to be feasible and
parameter studies give plausible results. Nevertheless, some important phe-
nomena like aggregation of the desulfurizer have not be considered so far.
Therefore, it should be careful to analyze simulation results. Further investi-
gations should incorporate these effects in order to achieve more realistic
predictions.
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In-situ Characterization
of Microstructural Damage
in QP980 Steel

Diyar Salehiyan, Javad Samei and David S. Wilkinson

Abstract During deformation of a steel, retained austenite can transform to
martensite through transformation induced plasticity, thereby enhancing elongation
to failure. However, obtaining high amounts of retained austenite in the final
microstructure is challenging. The quench and partitioning (Q&P) heat treatment
has been proposed as a cost-effective solution for stabilization of austenite at
ambient temperatures. In this paper, a commercial QP980 steel was investigated by
SEM-based in-situ tensile testing to determine micromechanisms of damage during
plastic deformation. Results show that ferrite and martensite deform simultaneously
and cracks are initiated at both phases. The martensite phase in QP980 steel shows a
considerable amount of deformation. However, cracking of the blocky retained
austenite happens from a very early stage of necking. X-ray computed tomography
shows that most of the damage is found very close to the fracture surface.

Keywords Damage micromechanisms ⋅ In-situ tensile test ⋅ Q&P steel
X-ray tomography

Introduction

In recent years intensive investigation on advanced high strength steels has been
motivated by the need to decrease vehicle weight and fuel consumption without
sacrificing occupant safety [1–3]. The quench and partitioning process is one of the
most innovative and promising heat treatments leading to the development of
advanced high strength steels with an interesting combination of strength and
ductility. This heat treatment approach can be applied to a variety of steels to
produce microstructures containing carbon depleted martensite, carbon enriched
retained austenite, as well as ferrite in the case of partial austenitization [4, 5].
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Bainite transformation may also occur during quench and partitioning heat treat-
ments because of the proximity of the partitioning temperature to the bainite
transformation region [6]. The Q&P heat treatment starts with partial or full
austenitization followed by quenching to a temperature between Ms and Mf to
produce a specific amount of martensite. The material is then subjected to an
isothermal heat treatment at the same or higher temperature which enables parti-
tioning of carbon from supersaturated martensite to untransformed austenite; and
finally the material is quenched to room temperature [7, 8].

Carbon enriched retained austenite can exist in the form of either films between
martensite laths or blocky retained austenite [9, 10]. Metastable retained austenite
can transform to martensite during deformation which provides these steels with
high work hardening capacity, formability, and energy absorption. These charac-
teristics make Q&P steels an ideal choice for safety-critical structural parts such as
B-pillar reinforcements, cross members, sills, longitudinal beams and bumper
reinforcements [11]. Mechanical properties are mainly dictated by the microme-
chanical behavior of an alloy’s constitutive phases. In-situ tensile testing during
scanning electron microscopy is one of the most powerful techniques to investigate
the microstructural damage behavior of different phases in alloys during defor-
mation. In addition, x-ray computed tomography (XCT) provides information about
the damage development process in three dimensions. Combining both techniques
gives insight into the ductile fracture process.

Among advanced high strength steels, the most extensive research has been
undertaken on microstructural deformation and damage of dual phase steels at
different forming conditions [12–18], while the investigation of damage in
TRIP-assisted steels is still at an early stage. Indeed, most of the work on these
materials has focused more on microstructural transformation during deformation,
rather than on ductile damage and fracture. For instance, Wang et al. [11] measured
the volume fraction of retained austenite during tensile testing using EBSD. They
concluded that finer retained austenite particles are more stable during deformation.
Yang et al. [19] investigated the retained austenite transformation behavior at dif-
ferent strains using TEM. They reported that at 12% strain, all the blocky retained
austenite had transformed to martensite while most of the film-like retained
austenite was still present in the microstructure. Blondé et al. [20] studied the
mechanical stability of metastable austenite grains using in-situ synchrotron X-ray
diffraction during tensile testing in low-alloyed TRIP steels. They report that grain
orientation, carbon content and grain volume are the factors that affect the stability
of metastable austenite grains.

The aim of this paper is to turn attention to failure in QP980, by presenting the
results of an initial investigation of the micromechanisms of damage using in-situ
tensile testing under scanning electron microscopy and X-ray computed
tomography.
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Experimental Work

The chemical composition of the commercial QP980 steel is listed in Table 1. This
steel contains close to 2% Manganese in order to improve the stability of austenite;
along with Silicon to suppress carbide precipitation.

The cold rolled sheet has a thickness of 1 mm. In-situ tensile test was carried out
using a JEOL 6610 scanning electron microscope and MTII/Fullam SEM Tester
stage. The geometry of in-situ tensile test specimens is shown in Fig. 1. Before the
in-situ tensile test, specimens were ground, polished to a 1 µm finish and etched
with 2% Nitial.

A Bruker SkyScan1172 X-ray tomography scanner was used for quantitative
analysis of microstructural damage in a fractured sample at 100 kV using an Al/Cu
filter with a pixel dimension of 0.59 µm. Quantitative analysis was carried out using
the commercial SkyScan software.

Results and Discussion

Figure 2 presents microstructures of QP980 steel at different local true strains. As
shown in Fig. 2a, the microstructure of QP980 steel consists of ferrite (F),
martensite (M) and retained austenite (RA). Ferrite is present in the microstructure
due to intercritical annealing prior to the quench and partitioning heat treatment of
the steel. Retained austenite in QP980 exists in two forms—blocky retained
austenite and retained austenite films between martensite laths. Ideally carbide
precipitation should not happen during carbon partitioning from martensite to
austenite; however, carbide precipitation was not completely prevented and there
are carbide precipitates between martensite laths.

Table 1 Chemical composition of QP980 steel

C Mn Si Al P S

0.206 1.962 1.474 0.037 0.008 0.002

Fig. 1 Geometry of an hour-glass shaped SEM in-situ tensile test specimen (mm)
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Fig. 2 Scanning electron micrograph of QP980 steel during deformation after local true strain of
a 0, b 0.13, c 0.23, d 0.35, e 0.47, f 0.57, g 0.63, and h 0.69. M: martensite, F: ferrite and RA:
retained austenite. Yellow, red and green arrows present sequences of M, F and RA cracking,
respectively
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As can be seen in Fig. 2, during deformation of QP980 steel, martensite and
ferrite deform simultaneously. The high ductility of martensite in QP steels can be
attributed to its low carbon content because of carbon migration from martensite to
austenite during the partitioning treatment. Furthermore, the existence of film-shape
austenite between the martensite lath improves ductility due to transformation
induced plasticity (TRIP). As can be seen in Fig. 2c, blocky retained austenite starts
to crack as soon as necking commences at a local true strain of 0.23, which suggests
that the transformation to martensite can occur during that stage.

According to these SEM images, initiation of voids and micro-cracks occurs in
both ferrite and martensite approximately at the same strain levels. However,
damage growth is faster in martensite. As shown in Fig. 2h, martensite cracking
leads to significant separation such that a large ≈10 µm cavity was formed. Cracks
inside ferrite however, remain narrow. As shown in Fig. 2e–h, at higher strain
levels during post-uniform deformation, most of microstructural damage occurred
by cracks aligned at 45° respect to the loading axis. This can be attributed to the
development of a localized shear band leading to enhanced localized deformation;
however, further investigation is required to confirm and quantify this hypothesis.

Figure 3 presents a 3D X-ray tomography reconstruction model of the fractured
sample. Dimples (green) on the fracture surfaces and voids (red) beneath the

0.
45

m
m

 

(a) (b)

Fig. 3 X-ray tomography models of fractured QP980 steel a isometric and top view of dimples
(green) on the fractured surface, and b isometric and top view of voids (red)
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fracture surfaces are shown. Only voids which are larger than 7 µm3 are displayed
in the model and considered in quantitative analysis. The quantitative information
obtained from XCT are presented in Table 2. The data is obtained from the parts of
materials, which are shown in the 3D models. The mean void diameter is calculated
for the largest 50 voids since only the largest voids have an influential role in
fracture. However, for calculation of dimple mean diameter all dimples were
considered.

As it can be seen in Fig. 3, most voids are located just below the fracture surface.
This is in good agreement with the in-situ observations of microstructural damage
during tensile tests. As was shown in Fig. 2, intensive nucleation of voids and
formation of microcracks occurred at higher localized strains near the fracture
surface. The amount of void area along the fractured sample is shown in Fig. 4. As
can be seen, there is an exponential increase of microstructural damage toward the
fracture surface.

Conclusions

Damage micromechanisms of QP980 steel were investigated using in-situ tension
coupled with SEM imaging and X-ray tomography. The following conclusions are
drawn from this study:

Table 2 Quantitative data for voids > 7 µm3 and dimples obtained by XCT

Fraction Numbers Mean diameter (μm)

Voids 0.48 vol.% 461 3.45 (largest 50)
Dimples – 31066 0.85 (all)

Fig. 4 Increase of void area toward fracture surface
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1. Martensite exhibits a considerable amount of deformation which can be related
to its low carbon content due to partitioning process and the existence of
film-like austenite between the martensite laths which improves ductility by
transformation induced plasticity.

2. Damage occurs in both martensite and ferrite starting at approximately the same
strain; however, damage growth is faster in martensite and leads to large
cavities.

3. Cracking of blocky retained austenite happens at an early stage of deformation
which suggests the possibility of its early transformation to martensite.

4. 3D X-ray tomography investigations confirm that most damage occurs near the
fracture surface consistent with previous 2D observations during in-situ tension
under SEM.
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Deformation and Damage Mechanisms

in High Temperature Ni, Co
and Fe-Based Superalloys



Prediction of Incipient Melting Map and γ’
Features of Ni-Base Superalloys Using
Molecular Orbital Method

M. Mostafaei and S. M. Abbasi

Abstract Experimental nickel-base superalloys based on commercial CM247 LC
containing Al and Ta were designed at a constant total Ta + W content (in wt%), on
the basis of Molecular Orbital calculation. The γ’ solvus, γ/γ’ eutectic dissolving
temperatures and susceptibility to incipient melting during solution annealing were
predicted using this method. Solutioning and aging treatment were carried out
following Cannon-Muskegon Corporation indication. For simplifying the model,
Md and Bo parameters were replaced by a new electronic parameter (θ) named
alloying angle. DSC thermal analysis and quantitative microstructural evaluations
showed that a decrease in θ magnitude increases γ’ solvus and γ’ volume fraction
considerably in the solutionized and aged condition. Also an incipient melt fraction
(IMF) map versus Al and Ta contents was presented to predict a safe zone from
incipient melting point of view during solutionizing treatment. As a result, Al + Ta
contents must be less than 6 wt% to reach IMF < 1%.

Keywords Ni-base superalloy ⋅ d-electron theory ⋅ γ’ solvus
γ/γ’ eutectic ⋅ Incipient melting

Introduction

Recently, there has been great progress made in a molecular orbital approach to
superalloy design. This approach is based on electronic structure calculations [1, 2].
Nickel-base superalloys contain various alloying elements where each one has a
specific role at elevated temperature conditions. There is always an unwanted
interaction between alloying elements causing try and error in superalloy design.
Nowadays, for decreasing design costs, new phase computation (NEWPHACOMP)
is widely used based on molecular orbital models [3–5]. A d-electron concept for
alloy design has been constructed on the basis of NEWPHACOMP [6–9]. These
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models after verifying can be used to predict the γ matrix phase stability or topo-
logically close-packed (TCP) phase formation [10, 11] and to determine
microstructural characteristics such as γ’ volume fraction [12, 13], γ/γ’ eutectic size
[14], etc.

The most conventional parameters in molecular orbital model are Md and Bo.
Md is d-orbital energy level of each element or metal-d level energy expressed in
electron volt (eV). For this reason, the model named the “d-electrons” theory [15,
16]. This Md method, called NEWPHACOMP, has been applied successfully to the
design of commercially available alloys with multiple components [17–19].
Experimental studies have shown that decrease in Md led to γ matrix phase stability
and reduction in probability of TCP phase formation. Some literatures have
reported that a critical Md value should be considered to prevent any TCP phase
formation. For instance, the high temperature strength shows the maximum at the
Md value of about 0.98 and the Bo value of about 0.67. The creep strength also
shows the maximum around this position [20, 21]. The value of Md for each alloy
(Mdavg) can be calculated according to Eq. (1) as follows [1]:

Mdavg = ∑
n

i=0
XiMdi ð1Þ

where Xi is atomic fraction of element i in alloy and Mdi is the Md value of element i.
Bo or Bond Order is a criterion for bonding strength between Ni atoms and other
alloying elements. Usually γ matrix phase stability increases with decreasing in Bo
[22]. The value of Bo for each alloy (Boavg) can be calculated according to Eq. (2) as
follows [1]:

Boavg = ∑
n

i=0
XiBoi ð2Þ

where Xi is atomic fraction of element i in alloy and Boi is the Bo value of element i.
The values of Md and Bo for 1 atomic percent of each element are presented in
Table 1. Both the Md and Bo have been increased in new generation of directionally
solidified and single crystal superalloys [23]. d-electrons variables were first used by
Morinaga et al. [8] over a wide range of Ni-base superalloys and described it as New
Phase Computation (NEWPHACOMP) and was developed recently by some
researcher [24–26]. Morinaga et al. showed that by adjusting the Md and Bo values
in superalloy design, the γ’ volume fraction, microstructural characteristics, γ’ sol-
vus and other phase transformation temperatures could be predicted [8, 9]. Also
Caron [13] developed Morinaga’s approaches and predicted volume fraction of γ’
and its solvus temperature, but couldn’t relate the mentioned properties to the Md
and Bo parameters.

In the present work, on the basis of Molecular Orbital method, 6 experimental
nickel-base superalloys containing various γ’ former elements including Al and Ta
were designed based on commercial CM247 LC composition. Using d-electron
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theory parameters it was tried to give experimental models for prediction of γ’
solvus, γ/γ’ eutectic dissolving temperatures and occurrence of incipient melting in
solution annealed microstructure for Al and Ta-bearing Ni-base superalloys.

Materials and Methods

For designing chemical composition, Al content was increased from 2 to 5.6 wt% to
make a wide range of Md values and a tiny change in Bo values, while Ta as a
strong Bo raiser was adjusted such that W content decreased and the total Ta + W
content (in wt%) became constant in order to prevent TCP phase formation and
decrease in solutionizing treatment time [27–29]. Chemical compositions of the
studied alloys (wt%) are given in Table 2. All of the data are arranged in ascending
order with respect to Al composition.

The alloys were melted and cast in a vacuum induction melting (VIM) furnace
under a vacuum environment about 10−5 bar and were poured at 1450 °C into
an alumina mold. The chemical compositions of the alloys were determined
using OXFORD Optical Emission Spectrometer (OES). For microstructural
examination, the specimens were polished and etched in solutions composed of
15 mL HCl + 10 mL HNO3 + 10 mL Acetic acid + 5 drops Glycerol for

Table 1 The values of Md
and Bo for 1 atomic percent
of elements used in chemical
composition of the Ni-base
superalloys designed for this
study [17]

Element Md Bo

Ti 2.271 1.098
Ta 2.224 1.67
Al 1.9 0.533
W 1.655 1.73
Mo 1.55 1.611
Cr 1.142 1.278
Co 0.777 0.697
Ni 0.717 0.514

Table 2 Chemical compositions of the studied Ni-base superalloys in weight percent. All of the
data are arranged into ascending order with respect to Al composition

Alloys C Co Mo Cr W Ta Ta + W Al Ti Hf B Zr Md Bo

1 0.07 9.3 0.5 6.2 7.9 3.9 11.8 2.0 0.7 1.4 0.015 0.01 0.869 0.644

2 0.08 9.5 0.5 6.0 6.0 6.2 12.2 2.9 0.6 1.4 0.015 0.01 0.899 0.646

3 0.08 9.2 0.5 6.5 9.1 3.2 12.3 3.5 0.7 1.3 0.015 0.01 0.909 0.647

4 0.07 9.2 0.5 6.1 4.1 8.3 12.4 4.4 0.7 1.4 0.015 0.01 0.942 0.645

5 0.07 9.5 0.5 8.0 9.2 3.1 12.3 5.1 0.7 1.4 0.015 0.01 0.956 0.661

6 0.07 9.1 0.5 6.1 10.1 1.8 11.9 5.4 0.8 1.5 0.015 0.01 0.950 0.643

CM247
LC

0.075 9.2 0.5 8.1 9.3 3.2 12.5 5.6 0.7 1.4 0.015 0.01 0.948 0.638
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detection of γ’ precipitates and γ/γ′ eutectics. In addition metallographic images
were observed on an Olympus BX 51 optical microscope (OM) and TESCAN
(model VEGA3 XMU/LaB6 gun) scanning electron microscope (SEM) equipped
with energy dispersive spectroscopy (EDS) analysis. Quantitative metallography
analyses for γ′ and γ/γ′ eutectic phase volume fraction were performed using
ImageJ software.

In order to determine the γ′ solvus temperature, the incipient melting point and
solidification range, differential scanning calorimetry (DSC) experiments were
carried out in a Mettler Toledo testing apparatus (model TGA/DSC 1 Star), using a
heating rate of 10 °C/min from 25 to 1400 °C. The DSC cylindrical samples
weighing approximately 100 mg were cut from the as-cast alloys. All DSC tests
were conducted in a purged high-purity argon atmosphere using high-purity alumina
crucibles. A commercial solutioning and aging heat treatment regime was consid-
ered to evaluation of γ’ and γ/γ’ eutectic dissolution and any incipient melting trace,
according to technical datasheet of Cannon-Muskegon Corporation [30]. Details of
the heat treatment regime are given in Table 3. γ’ solvus temperature calculation was
performed using both DSC analysis and JMatPro software data.

Results and Discussion

Alloys Design

Chemical composition in each alloy is defined in d-electron method through
parameters such as Md and Bo. Establishing a valid relation between these elec-
tronic parameters and microstructural properties could be challenging and complex.
For simplifying this correlation, a third parameter named as “alloying angle” or “θ”
has been defined as a function of both Md and Bo. Alloying angle may be

Table 3 Details of solutioning and aging heat treatment regime performed in the present work

Alloy γ’ solvus (°C)
(JMatPro data)

γ’ solvus (°C)
(DSC data)

Heat treatment regime

Solution
annealing

Aging

1 880 No data 1204 °C/
2 h + 1216 °C/
2 h +
1221 °C/
2 h + 1232 °C/
2 h +
1250 °C/
2 h + AC

1080 °C/
4 h + 870 °C/
20 h + AC

2 1020 No data
3 1050 No data
4 1191 1206
5 1180 No data
6 1190 1218
CM247
LC*

1220 1200

*DSC data from Reference [31]
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calculated graphically in a Md-Bo coordinate system plot. In designing of chemical
composition of studied alloys, Al content was increased in a way that θ decreases.

Murata et al. [6], who for the first time calculated “alloying angle”, introduced θ
as the angle between the line “L” and the line Bo = 0.514 (the Bo value for 1 M of
nickel) in a two dimensional Md-Bo coordinate system. The line “L” is drawn from
the point “Ni” corresponding to coordinate of 1 M of pure nickel (Md = 0.717,
Bo = 0.514) and to the calculated coordinates corresponding to the designed alloys
(Fig. 1). They proved that a simple linear relation exists between the γ’ volume
fraction and θ for around 30 Ni-base superalloys. The graphical method for alloying
angle (θ) calculation in this work compared with directionally solidified CM247 LC
and some commercial single crystal Ni-base superalloys is illustrated in Fig. 1.

Using of θ parameter provides an easy graphical comparison for designed alloys.
θ for each alloy can be calculated mathematically by Eq. (3):

θ ◦ð Þ= tan− 1ð Bo−BoNi
Md−MdNi

Þ ð3Þ

where Md and Bo are Mdavg and Boavg calculated by the Eqs. (1) and (2)
respectively. Also MdNi and BoNi are Md and Bo values for Ni (coordinates of the
Ni point in Fig. 1). Principally d-electron method is used for equilibrium
microstructure, because the molecular orbital model is fundamentally developed for
equilibrium conditions. In other words, it is prospected that microstructural evo-
lution of the designed alloys versus θ parameter should be more obvious at solution
annealed (homogenized) condition than that in as-cast status.

Before any further discussion about microstructural evolution it should be
mentioned that previous studies did not contribute enough to the correlation
between d-electron parameters and microstructures [32, 33]. However, the authors
intend to find a realistic relationship between them in the current work.
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Fig. 1 The graphical method
for alloying angle (θ)
calculation in this work
compared with directionally
solidified CM247 LC and
some commercial single
crystal Ni-base superalloys
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Dissolving Temperatures of γ’ Precipitates and γ/γ’ Eutectics

The as-cast microstructure of designed alloys is presented in Fig. 2. The size and
volume fraction of γ/γ’ eutectics have increased with decreasing θ parameter due to
an intensified elemental segregations and rejection of low partitioning coefficient
elements from growing dendrites to the interdendritic spaces. These elements are
usually Al and Ta which have high Md values. According to Table 1, Al, Ti and Ta
have the highest effect on increasing Md and decreasing θ angle (see Fig. 1).
Therefore it may be imagined that there is a systematic relationship between θ and
the size or volume fraction of γ/γ’ eutectics. Figure 3 illustrates an exponential
relation between the measured initial γ/γ’ eutectic size and its volume fraction
versus θ. The size and volume fraction of γ/γ’ eutectics can be estimated inserting
calculated θ in Eqs. (4) and (5), respectively, as follows:

Vf =315.8e− 0.115θ ð4Þ

d=509.9e− 0.081θ ð5Þ

where Vf is the volume fraction of initial (as-solidified) γ/γ’ eutectics (in percent)
and d is their average diameter (in micron). Equations (4) and (5) are very useful in
designing new superalloys. For instance, if the goal is to develop a Ni-base
superalloy with only 2% initial γ/γ’ eutectics, the corresponding θ angle parameter
should be set around 46°. Accordingly, based on Eq. (3) Md should be decreased or
Bo should be increased further.

Figure 4 represents the microstructures of the alloys solution annealed according
to Table 3. It shows while the alloying angle (θ) decreases the γ’ solvus and γ/γ’

Fig. 2 Comparison of dendritic structure and γ/γ’ eutectic phases in as-cast microstructure of
designed alloys
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eutectic dissolving temperatures increase. In alloy 1 which has the greatest θ
magnitude, the elemental segregations formed during solidification are disappeared
completely by solution annealing treatment, so that Interdendritic Grain Boundaries
(IGB) are eliminated and Equilibrium Grain Boundaries (EGB) are revealed. This
also occurs in alloy 2. The residual IGBs are somewhat visible in alloy 3 and
indicates that γ’ solvus and γ/γ’ eutectic dissolving temperatures are higher than
those in alloys 1 and 2. Moreover, no γ/γ’ eutectic phase can be tracked in alloys
corresponding to θ magnitude between 40.5° and 34.7°. In the same way, in alloys
4, 5 and 6 having lower alloying angle, IGBs are visible clearly and no EGB is
formed. As a result, γ/γ’ eutectic phases are retained in solution annealed
microstructure. As illustrated in Fig. 5, in alloys with higher θ magnitudes, in
addition to the greater elimination of elemental segregations, more incipient melting
zones are formed during solution annealing. Quantitative analysis of incipient
melting areas is discussed more in the following.

DSC heating thermograms for alloys 4 and 6 (Fig. 5) verify the fact that decrease
of the alloying angle (θ) increases the γ’ solvus and the onset of incipient melting
temperatures. For instance, in alloy 6 (θ = 28.8°) the onset temperatures for γ’
solvus and incipient melting are about 15 °C and 20 °C higher than alloy 4
(θ = 30.3°), respectively. Calculation of equilibrium γ’ solvus temperature using
JMatPro package demonstrated a linear relation between γ’ solvus temperature
versus θ (Fig. 6) and revealed a good agreement with the experimental DSC results
too (Fig. 5). According to Fig. 6, the experimental γ’ solvus temperature data were
regression fitted as a linear function of θ magnitude (see Eqs. (6) and (7)) and then
were used to predict γ’ solvus temperature (Tγ’) for each designed Ni-base
superalloy.

Tγ0 ◦Cð Þ= − 28 θ+2025.1 ð6Þ

Inserting Eq. (1) into Eq. (6) results:

Vf = 315.8 e-0.115θ

R² = 0.93

d = 509.9 e-0.081θ

R² = 0.94
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Tγ0 ◦Cð Þ= − 28tan− 1ðBo− 0.514
Md− 0.717

Þ+2025.1 ð7Þ

It should be noted that the data related to coordinates (Tγ’ = 1200 °C,
θ = 28.24°) in Fig. 7 is from prior author’s work [34].

Fig. 4 Microstructure of designed alloys in solution annealed condition showing the variation of
retained γ/γ’ eutectic and incipient melt areas with change in θ magnitude
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Retained γ/γ’ Eutectics and Incipient Melting Formation

Microstructural evaluation of solution annealed alloys reveals a relative decrease in
the incipient melt area fraction with decreasing θ magnitude caused by the elevation
of incipient melting onset temperature. Also regarding the DSC thermograms
depicted in Fig. 5, decreasing the θ magnitude leads to an increase in retained γ/γ’
eutectics fraction as a result of inadequate diffusion during solution treatment (see
Fig. 7). Hence, in alloys having higher alloying angles (or lower Al content), the
interdendritic segregations are eliminated quickly during solution annealing treat-
ment, but it raises the risk of incipient melting formation severely.

Based on quantitative image analysis data of solution annealed microstructures
(from several metallographic images at a magnification of 200X as depicted in
Fig. 4), variation curves of retained γ/γ’ eutectics fraction and incipient melting
area percentage as a function of θ angle are drawn in Fig. 8.
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According to this results, the alloying angle around θ = 36° is a critical value for
eliminating of retained γ/γ’ eutectics. In other words, alloys having an alloying
angle more than 36° don’t pertain any retained γ/γ’ eutectic after solutionizing
leading to finer γ’ formation during aging step. Consequently, it should be said that
with increasing θ resulting from reducing Al content, dissolving temperature of γ/γ’
eutectic decreases gradually and accelerates the decomposition of γ/γ’ islands and
going into matrix solid solution (γ) during solution treatment.

A more accurate investigation of solution annealed microstructures revealed the
presence of secondary γ’ in low alloying angle alloys as a result of air cooling curve
intersecting 1% γ’ TTT diagram. In other words, the alloys with lower θ magnitude
(higher Al content), have amore supersaturation of γ’ former elements in the γmatrix.
Therefore after solutionizing treatment followed by a fast air cooling, more nucleation
sites (usually in dendrite cores) are present for precipitating of secondary γ’. Figure 9

Fig. 7 Simultaneous increase of retained γ/γ’ eutectics and incipient melt area fraction with
decreasing the θ magnitude resulted from inadequate diffusion during solution treatment
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illustrates the solution annealed microstructures of alloy 1 (θ = 40.5°) and alloy 6
(θ = 28.8°) at higher magnification and comparison of 1% γ’ TTP diagram for the
mentioned alloys. Time-Temperature-Precipitation (TTP) diagram of 1% γ’ precipi-
tates for alloys 1 and 6 were calculated using JMatPro software.

To present a practical result from the data of Fig. 8, the positions of six designed
alloys (in solution annealed and aged condition) were determined in a two
dimensional Ta-Al coordinate system and divided into three zones based on
incipient melt area fraction (IMF), as illustrated in Fig. 10:

1. IMF < 1%; the first zone with the Al + Ta content less than 6 wt%. This zone
can be considered as a safe zone in designing of superalloys composition.

2. 1.5% < IMF < 2.5%; the second zone with the Al + Ta content between 6 and
9 wt%.

3. IMF > 3%; the third zone with the Al + Ta content more than 9 wt%. This zone
can be considered as a dangerous zone in designing of superalloys composition.

Since the new generation commercial Ni-base superalloys contain Al content
ranged from 2 to 6 wt% and Ta content ranged between 1 and 9 wt%, the chemical
composition of superalloys designed in this work (Al and Ta) was considered in the
mentioned range. Therefore, the empirical formula obtained based on experimental
data, will be applicable for the many new generated Ni-base superalloys contain Al

Fig. 9 The solution annealed microstructures of alloy 1 (θ = 40.5°) and alloy 6 (θ = 28.8°) at
higher magnification and comparison of 1% γ’ TTT diagram for the mentioned alloys
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or Ta. The limitation of the proposed models may be only ignoring of Ti content
influences on the related γ’ parameters.

Conclusions

• In the present study, an experimental model has been proposed to predict
incipient melt area fraction (IMF) for Al and Ta-bearing Ni-base superalloys
based on d-electrons theory as follows:

IMF %ð Þ=0.009 θ2 − 0.4 θ+5.8

where θ is expressed as follows:

θ ◦ð Þ= tan− 1ð Bo−BoNi
Md−MdNi

Þ

• Changing of Al and Ta contents in a way that θ decreases leads to an increase in
γ’ solvus from 880 to 1200 °C in the solutionized and aged condition.

• The alloying angle of θ = 36° (Md = 0.899 and Bo = 0.646) is indicated as a
critical value for eliminating of retained γ/γ’ eutectics. In other words, alloys
having alloying angle more than 36° don’t pertain any retained γ/γ’ eutectic after
solutionizing leading to finer γ’ formation during aging step.

• To obtain a safe zone in designing Ni-base superalloy compositions (IMF <
1%), sum of Al + Ta contents should be considered less than 6 wt%.
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Mechanical Properties and Shear
Localization of High Entropy Alloy
CoCrFeMnNi Prepared by Powder
Metallurgy

Bingfeng Wang, Xiaoxia Huang, Yong Liu and Bin Liu

Abstract Mechanical properties of the CoCrFeMnNi high entropy alloy at strain
rates (1 × 10−4 s−1 to 0.1 s−1 and 1 × 103 s−1 to 3 × 103 s−1) and at tempera-
tures (298.15, 673.15 and 1073.15 K) are investigated. Hat shaped specimens are
used to induce the formation of an adiabatic shear band under controlled
shock-loading tests. Results indicate that the yield strength of the CoCrFeMnNi
high entropy alloy is increasing sensitively with increasing the strain rates. Grains
in the boundary of the shear band in the CoCrFeMnNi high entropy alloy are highly
elongated along the shear direction, and the core of the shear band consists of
nanotwins and ultrafine equiaxed grains. Rotational dynamic recrystallization takes
effects on the formation of the microstructures in the shear band.

Keywords High entropy alloy ⋅ Powder metallurgy ⋅ Mechanical property
Microstructure ⋅ Shear localization

Introduction

The equiatomic CoCrFeMnNi high entropy alloy is one of the extensively investi-
gated high entropy alloys [1]. It owns a single-phase solid solution with the
face-centered-cubic (FCC) structure. Many researchers present a rising interest on
the mechanical behavior and the application of the CoCrFeMnNi high entropy alloy.
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The strength of the CoCrFeMnNi high entropy alloy is relatively low in as-cast state,
only around 200 MPa [2]. The compositional segregation of elements and brittle
intermetallic are inevitable in the high entropy alloy ingots prepared by vacuum arc
melting [3, 4]. Powder metallurgy is an efficient way to prepare high strength
CoCrFeMnNi high entropy alloy with homogeneous compositions and mi-
crostructures [4]. Mechanical properties of high entropy alloy at strain rates between
1 × 10−4 s−1 and 1 × 10 s−1, have been widely studied, such as strength, ductility
and hardness, and serration behavior [1]. Considering another important application
of the high entropy alloy requires the study of its mechanical performance and
microstructure evolution in dynamic deformation processes such as penetration,
impact loading, and shock loading. In these processes the strain rate is beyond
1 × 103 s−1. Only a few papers report about the research of high entropy alloy
under high strain rate (beyond 1 × 103 s−1). Kumar et al. [5] and Dirras et al. [6] and
Wang et al. [7] and Li et al. [8] had used direct impact split-Hopkinson pressure bar
to investigate the dynamic mechanical properties of the high entropy alloy.

Adiabatic shear localization, a typical deformation mechanism under high strain
rate, usually results in softening or even failure of the material, which had been
reported in a number of conventional materials, for instance, tungsten alloys.
Elongated subgrains along shear direction can be observed within the shear bands
of tungsten heavy alloy [9]. Moreover, elongated subgrains were found to break up
into equiaxed micrograins, and this microstructure may be as result of dynamic
recrystallization mechanism [10]. Although adiabatic shear localization in various
materials had been fully studied, few results are reported in high entropy alloy.
Dirras et al. [6] had reported that the dynamic deformation of Ti20Hf20Zr20Ta20Nb20
high entropy alloy loaded under dynamic compression condition was strongly
localized in macroscopic shear bands along with softening even after yielding.

In the present study, we focus on the equiatomic CoCrFeMnNi high entropy
alloy prepared by powder metallurgy. The compressive tests were performed at a
wide-range of strain rates and temperatures to explore the plastic deformation and
related mechanical behavior. The aims of the paper are as follows: (1) to investigate
the mechanical properties of the powder metallurgy CoCrFeMnNi high entropy
alloy, especially the effect of the strain rates; (2) to report the microstructure of the
shear band in the CoCrFeMnNi high entropy alloy; (3) to discuss the microstructure
mechanism for the formation of the shear band.

Materials and Methods

The CoCrFeMnNi high entropy alloy was prepared by powder metallurgy method.
The detail of the process was explained in our previous paper [4].
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Cylindrical compressive specimens with 4 mm in diameter or 6 mm in diameter
were machined from the sintered specimens by electric discharge machining. Test
conditions for the cylinder specimens are listed in Table 1. The loading direction
was parallel to the cylindrical axis of these specimens. To ensure uniaxial com-
pressive condition, the end face of the compressive specimens were ground on each
side with SiC paper and then lubricated. Quasi-static compressive tests and dynamic
compressive tests were performed with the Instron 3369 machine and the
split-Hopkinson pressure bar machine, respectively.

The hat-shaped specimen was originally invented by Meyer and Pursche [11],
and the narrow shear region was designed to produce an adiabatic shear band due to
shear strains concentration. Details of the split Hopkinson pressure bar technique
had been introduced in another literature [11]. Figure 1 shows the picture of the
hat-shaped specimens for the CoCrFeMnNi high entropy alloy. The thickness of the
designed shear region in hat-shaped specimen is about 0.30 mm.

The samples for the investigation were cut from the hat-shaped specimen by line
cutting. The etchant for the CoCrFeMnNi high entropy alloy was 25 ml
C2H5OH + 25 ml HCl + 5 g CuSO4.5H2O. Optical microscopy was carried out
with POLYVAR-MET. Electron probe microanalyses (EPMA) was performed on
JXA-8230 electron probe micro-analyzer. The shear band was examined in a Phillips
XL30 SEM. A focused ion beam (FIB) instrument was used to accurately prepare
TEM samples in the shear band regions. The FIB samples were then characterized by
TEM using Tecnai G2 20 transmission electron microscope operated at 200 kV, and
Tecnai G2 60–300 polar transmission electron microscope operated at 300 kV.

Table 1 Test conditions for the cylinder specimens

Specimen A B C D E F G H I J

Strain rate (s−1) 0.001 0.001 0.0001 0.001 0.05 0.1 1200 1260 2710 2800
Temperature (K) 1073 673 298 298 298 298 298 298 298 298

Fig. 1 Picture of the
hat-shaped specimens
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Results and Discussion

The Constitutive Relation of the CoCrFeMnNi High
Entropy Alloy

The Zerilli-Armstrong plastic model is one of the common physical based consti-
tutive models. In our present work, the classic Zerilli-Armstrong plastic model for
face-centered cubic structure which is used for predicting the strain rate flow
behavior of the powder metallurgy CoCrFeMnNi high entropy alloy can be rep-
resented as follows [12].

σ =C1 +C2ε
ne T −C3 +C4lnε ̇ð Þ½ � ð1Þ

where C1, C2, C3, C4 and n are material constants. Notice that T is deformation
temperature. Furthermore, σ is the flow stress, ε is the equivalent plastic strain, ε ̇ is
the equivalent plastic strain rate.

Figure 2 shows the true strain versus true stress curves of the CoCrFeMnNi high
entropy alloy at various temperatures and strain rates. The curves of specimens A–F
and specimens G–J are obtained from quasi-static compressive data and dynamic
compressive data, respectively. It can be seen that the flow stress decreases with
increasing temperature at a strain rate of 1 × 10−3 s−1, and increases with
increasing strain rate at ambient temperature. Figure 3 shows the yield strength
versus strain rate curves of the powder metallurgy CoCrFeMnNi high entropy alloy
as a function of strain rate at ambient temperature. The yield strength distributes
from 300 to 700 MPa, and the slope of the lines increases with increasing strain
rates, particularly at high strain rate. Therefore, the yield strength increases sensi-
tively with increasing strain rates, especially at dynamic strain rates (beyond
1 × 103 s−1).

Fig. 2 True strain versus true
stress curves of the
CoCrFeMnNi high entropy
alloy obtained in compressive
tests
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Stress-strain curves are chosen from Fig. 2 to model the flow behavior of the
powder metallurgy CoCrFeMnNi high entropy alloy. The value of constants C1, C2,
C3, C4 and n in Eq. (1) is determined by using a MATLAB analysis technique. The
constants in the Zerilli-Armstrong plastic model are found to be as follows:
C1 = 420 MPa; C2 = 1565 MPa; C3 = 3.745 × 10−4; C4 = 2.975 × 10−4; and
n = 0.6536. Therefore, the constitutive equation based on the Zerilli-Armstrong
plastic model can be obtained as follows:

σ =420+ 1565ε0.6536e T 2.975 × 10− 4lnε ̇− 3.745 × 10− 4ð Þ½ � ð2Þ

Figure 4 shows the comparison diagram between theoretical results obtained
from Eq. (2) and experimental data showed in Fig. 2. It can be seen that the
theoretical results are in a good agreement with the experimental data.

Shear Localization in the CoCrFeMnNi High Entropy Alloy

Figure 5 shows the mechanical responses of the CoCrFeMnNi high entropy alloy
during the shear localization process. The obtaining method for the true stress and
the true strain and the strain rate is illustrated in our previous paper [13]. The
average strain rate is about 4.1 × 105 s−1, and the entire deformation process lasts
about 135 μm (Fig. 5a). The true stress and true strain curve of the specimen,
demonstrating the deformation process of the equiatomic CoCrFeMnNi high
entropy alloy during the shear localization, can be divided into three stages
(Fig. 5b). In the first stage (a–b), the true stress increases with the true strain due to
strain hardening and strain rate hardening. In the second stage (b–c), thermal
softening becomes clearly, and the true stress increases slower than that in the first

Fig. 3 The yield strength
versus strain rate curves of the
CoCrFeMnNi high entropy
alloy. This plots the logarithm
to base 10 of the values on the
x-axis
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stage. Consequently, the true stress for the specimen reaches the maximum value of
about 1270 MPa where the strain is about 3. In the last stage (c–d), the true stress
sharply decreases with increasing of the strain, and the thermo viscoplastic insta-
bility commences at point C. Therefore, an occurrence of the shear localization in
the CoCrFeMnNi high entropy alloy needs severe shear deformation.

Fig. 5 Mechanical response of the equiatomic CoCrFeMnNi high entropy alloy during the shear
localization process. a Time—strain rate curve. b True strain—true stress curve

Fig. 4 Comparison between the experimental and predicted stress by the Zerilli-Armstrong
plastic model. The solid line and scattered line represent the experimental curves and the
theoretical curves, respectively
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Figure 6 shows an adiabatic shear band in an equiatomic CoCrFeMnNi high
entropy alloy. It can be seen that the shear band is a long and straight band with
width about 20 microns inserted in the designed shear zone, which is distinguished
from the matrix by boundaries.

Figure 7a shows the region of the line scanning including the matrix, the
boundary and the center of the shear band. The corresponding results of the line
scanning are shown in Fig. 7b. It can be seen that the five elements contained in the
CoCrFeMnNi high entropy alloy distribute homogeneously. There are no elements
rearrange within the shear band.

Figure 8 shows the bright field electron micrographs of the shear band. It can be
recognized that the boundary of the shear band is characterized by highly elongated
cell structures with widths about 0.1 micron and the twin structures about 20 nm in

Fig. 6 The shear section in
the specimen revealed by
optical micrograph

Mechanical Properties and Shear Localization … 475



thickness and 300 nm in length (Fig. 8b), and the core of the shear band consists of
ultrafine equiaxed grains with a diameter about 150 nm and nanotwins about 15 nm
in thickness and 85 nm in length (Fig. 8c). Both twin structures and elongated cell
structures, involving dense dislocation walls and dislocation tangles, are along the
shear direction. Figure 8d shows the high-resolution transmission electron micro-
graph image of nanotwins and its corresponding fast Fourier transforms patterns.
The twinning relations are clearly labeled in the Fourier transforms patterns. The
twin boundaries are marked by red dashed lines, and the twin angle of 70° is
determined. Therefore, nanotwins and ultrafine-equiaxed grains coexist in the shear
band. In addition, the high-resolution transmission electron micrograph of the
ultrafine grains shows that the local grain-boundary segments tilt about 30°, which
indicates that rotational dynamic recrystallization occurs in the alloy as proposed by
Meyers et al. [14] (Fig. 8e).

Fig. 7 Electron probe microanalyses of the specimen. a Line scanning micrograph. b The
corresponding results of the line scanning
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Fig. 8 Microstructure in the shear band of the equiatomic FeCoNiCrMn high entropy alloy.
a Montage of the bright electron field micrographs across the shear band; b the microstructures in
the boundary of the shear band; c the microstructure in the core of the shear band; d the
high-resolution transmission electron micrograph image of nanotwins and the insert is the
corresponding fast Fourier transforms patterns; e the high-resolution transmission electron
micrograph of the ultrafine grains
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Microstructure Mechanism for the Formation
of the Shear Band

Hong et al. [15] and Liu et al. [16] had reported that the twin structures can be
destroyed by shear band at large strain when twin density was saturated. Tao et al.
[17] also proposed that a grain refinement was induced by transformation of dense
dislocation walls and dislocation tangled into sub-boundaries with small misorien-
tations separating individual cells or subgrains, and the sub-boundaries would
evolve into highly misorientated grain boundaries. Due to the low stacking fault
energy of the CoCrFeMnNi high entropy alloy (about 20 mJ/m2 [18]), high density
of deformation twins are easy to present during plastic deformation of the CoCr-
FeMnNi high entropy alloy [19]. In this work, the average strain rate for the material
in the shear band is about 4.1 × 105 s−1 and the maximum strain reached about 3.5.
Therefore, during high strain rate deformation, twin structures are generated in the
CoCrFeMnNi high entropy alloy, and then destroyed by the shear forces.

The microstructural evolution of the shear band is described as follows. At the
beginning of the deformation, the number of deformation twin structures formed
along the shear direction. When the twin density is saturated, further twinning
becomes difficult to accommodate subsequent strain. Even if twin density is satu-
rated, the volume fraction of twin is still very small. Meanwhile, the grains without
twinning can also be elongated into cell structures along the shear direction.
Secondly, the twin structures and the elongated cell structures are destroyed into
several subgrains by dense dislocation walls due to the strong shear deformation.
And then, the subgrains will transform into approximately equiaxed micrograins
due to the minimization of the interfacial energy. Finally, the local grain-boundary
segments of the micrograins rotate to form high angle grain boundaries. Hence,
nanotwins and ultrafine-equiaxed grains coexist in the shear band.

Summary and Conclusions

The equiatomic CoCrFeMnNi high entropy alloy prepared by powder metallurgy
has a uniform composition and microstructure. The yield strength of the CoCr-
FeMnNi high entropy alloy changed from 300 to 700 MPa, increasing with
increasing strain rate. The Zerilli-Armstrong plastic model of the CoCrFeMnNi
high entropy is obtained.

We also have investigated the adiabatic shear localization in an equiatomic
FeCoNiCrMn high entropy alloy. The unstable shear deformation of the alloy
emerges after the true flow stress reaches the maximum value of 1270 MPa at the
strain about 3. The width of an adiabatic shear band is about 20 microns. In the
boundary of the shear band, the twin structures and cell structures of boundaries
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are highly elongated along the shear direction. Nanotwins about 15 nm in thickness
and 85 nm in length, and ultrafine-equiaxed grains with a diameter about 150 are
observed in the core of the shear band.
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Effect of Phase Transformation on High
Temperature Dynamic Flow Stresses
of CP-Ti

Sindhura Gangireddy and Steven Mates

Abstract The dynamic mechanical flow stresses of titanium alloys at high tem-
peratures can be strongly affected by phase transformation. Literature documents
the flow stresses of the commercial alloy CP-Ti only up to 750 °C. In this study, we
investigated the response of commercial alloy, CP-Ti, at very high temperatures of
up to 1200 °C while under dynamic loading at strain rates between 1800 and
3500 s−1. Our low temperature data shows good agreement with previous studies,
including the dynamic strain aging behavior the material is known to show. For the
strain rates in our study, we observe a dynamic strain aging (DSA) peak at around
250 °C, where the thermal softening behavior is milder. The flow curves in the DSA
zone are also characterized by a spike in the work hardening of the material. At very
high temperatures, we discover a noticeable shift in the softening behavior coin-
ciding with the allotropic transition point at around 880 °C. The data suggests that
at this transition point, there is a sharp drop in the flow stresses. The rates of thermal
softening are also distinctly different prior and after the transition. Future material
models which cover high temperature constitutive response have to consider this
effect of phase transformation on the dynamic flow stresses as well.

Keywords High-temperature ⋅ Kolsky-Bar ⋅ CP-Ti ⋅ Dynamic strain aging
Phase transformation ⋅ Modified Johnson-Cook model

Introduction

Titanium and its alloys have a unique combination of high strength to weight ratio
which can be retained at even elevated temperatures, and exceptional corrosion
resistance. However, manufacturing titanium alloys has always been problematic
due to their poor thermal properties and reactivity with tool materials [1]. The
difficulty in machining these materials limits their use in commercial markets where
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rapid manufacturing processes are desired for cost reductions [2]. Understanding
the material behavior under the conditions imposed by these processes is highly
critical for cost-effective production.

Rapid high temperature forming, high speed machining etc. processes create
extreme conditions of high temperatures, rapid heating rates, and rapid loading rates
which are hard to study. For this purpose, NIST has developed a new configuration
of Split-Hopkinson Pressure Bar (SHPB), capable of reaching heating rates up to
10,000 K/s, loading rates 10,000 s−1 with testing temperatures reaching over
1200 °C. Using this equipment, we investigated dynamic flow stresses even beyond
the allotropic transition point of 882 °C, up to 1200 °C, at strain rates between 1800
and 3500 s−1. Previous literature on high temperature dynamic deformation has
been limited and restricted to below 750 °C. Studies such as Nemat-Nasser [3] well
described the thermal softening trends in this temperature range, particularly the
presence of dynamic strain aging (DSA) in the temperature range between 23 and
500 °C. We found our low temperature data to agree well with the results of this
study, including the DSA peak at around 250 °C for our strain rates. However,
we also explored the constitutive behavior beyond the allotropic transition point of
882 °C and discovered that this transformation causes a distinct shift both in the
material’s strength and the softening rate. In this paper, we will present this high
temperature dynamic flow stress data which demonstrates this phenomenon.

Experimental Procedure

Material and Specimen Preparation

Commercial Grade-2 Titanium material was purchased in the form of a 2 mm thick
plate and was cut using electrical discharge machining (EDM) to make round
compression samples measuring 4 mm in diameter. The chemical composition of
the material is given in Table 1.

Table 1 Comparison of the ASTM standard and the chemical composition of the commercial
material from spectrographic analysis

Chemical
composition (%)

Carbon Iron Nitrogen Oxygen Hydrogen Others

ASTM standarda <0.08 <0.3 <0.03 <0.25 <0.015 <0.1
Spectrographic analysis 0.01 0.12 0.008 0.12 19 ppm
aStandard Specification for Titanium and Titanium Alloy Strip, Sheet, and Plate, ASTM B265-13a,
page 4
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Mechanical Testing

Dynamic compression tests were conducted in Kolsky Bar at strain rates of
1800–3500 s−1 and at temperatures of 23–1200 °C in partial vacuum. Samples
were resistively heated with high-amperage, low-voltage electric current that was
conducted directly through the sample while it sat fixed between the incident and
transmission bars. Due to the short heating times (3.5 s in the experiments dis-
cussed here), and the small sample cross-section (4 mm diameter) compared to the
bars (15 mm diameter), the bars do not undergo significant heating and wave
propagation would not be affected, as we have demonstrated in a previous publi-
cation [4]. Using an infrared spot pyrometer as a feedback sensor for the PID
controller, the heating power is modulated to obtain the set radiance temperature.
The temperature uniformity during the heating is monitored through a second
pyrometer focused on the other side of the specimen. A thermocouple is also spot
welded to obtain the thermodynamic temperature of the specimen before impact.
The arrival of the loading wave is timed to occur approximately 30 ms after the
heating is turned off. Further details of this heating method, its performance
capabilities and assessment of its uncertainties have been described elsewhere
[4, 5].

All the specimens were impacted with a 250 mm long striker bar under a gun
pressure of 20 psi. The specimen’s impedance decreased at higher temperatures,
causing greater effective strain rates. As a result, the true strain rate increased from
1800 to 3500 s−1 during tests conducted at room temperature to 1200 °C. Titanium
has very weak strain rate sensitivity [6], so the effect of this strain rate variation on
flow stresses would not be significant. So it would not be unreasonable when such
flow stresses are compared in an effort to understand trends in the data. The strain
gauge measurements of incident, reflected and transmitted pulses were analyzed to
obtain the true stress-true strain curves, which are presented in the results section
below.

Results and Discussion

Dynamic Stress-Strain Curves

Figure 1 depicts the dynamic stress-strain curves obtained from Kolsky-Bar testing
conducted between 23 and 1200 °C. At the very beginning of a Kolsky-Bar test, the
strain rate changes very rapidly and these portion of initial rise of the stress-strain
curve is ignored. The data in this plot represents only the portion of the stress strain
curves where the strain rate was stable. The temperatures quoted are the initial
thermodynamic temperatures measured by the thermocouple just before impact.
The curves in Fig. 1 represent the dynamic flow stress of the material during a
single, short-duration compression event.
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During room temperature compression in the Kolsky Bar at 1800 s−1, Fig. 1
shows our dynamic flow stress increasing from about 750 MPa at 0.025 strain to
950 MPa at 0.25 strain. These results are quite comparable to those reported by
Gurao [7], at a strain rate of 1500 s−1 during dynamic compression in Kolsky Bar at
room temperature where the flow stresses increased from 650 MPa at 0.025 strain
to 900 MPa at 0.25 strain. Li [8] reported higher flow stresses of 700 MPa at 0.025
strain increasing to almost 1200 MPa at 0.25 strain, but at a higher strain rate of
3000 s−1. Similarly, Wang [9] also have reported even higher flow stresses at a
larger strain rate of 4000 s−1 on an ultrafine grained ECAP processed material,
800 MPa at 0.025 strain. But this material had a weaker work hardening and the
flow stress at 0.25 strain was 1000 MPa, smaller than Li’s 1200 MPa at same strain.
Huang [10] and Yuan [11] used a tension SHPB at 1400 and 1100 s−1 strain rates
respectively yielding flow stresses of around 500 MPa at 0.025 strain, much smaller
than the above mentioned studies. Nemat-Nasser [3] reported results from com-
pression SHPB at a strain rate of 2200 s−1. Their flow stresses were smaller than
even Huang and Yuan at low strains, 300 MPa at 0.025 strain, but due to stronger
work hardening the flow stresses at larger strains increased beyond Huang and
Yuan’s data, to 800 MPa at 0.25 strain. Initial material composition or
microstructural differences could have been the cause of the scatter in the room
temperature response. Our data also lies within this band of reported values.
Table 2 shows the flow stress data from our experiments tabulated along the data
from these above literature sources.

Fig. 1 High temperature dynamic stress-strain curves
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The literature on high temperature response is more limited and also restricted to
about 750 °C. Ahmad [12] study reported flow stresses at 5 test temperatures of
150, 300, 450, 600, and 750 °C. Magargee [13] studied electrically assisted tension
testing at 4 temperatures of 25, 74, 249, and 435 °C. Cheng and Nemat-Nasser [14]
conducted a more comprehensive study of flow stresses at 8 temperatures between
−196 and 725°C. As CP-Ti undergoes allotropic transformation from hcp to bcc
crystal structure at 882 °C, we also conducted tests beyond this temperature. The
final test matrix composed of 16 different temperatures over a range of 23–1200 °C,
designed to cover both alpha and beta phase fields, Fig. 1.

Figure 2 demonstrates the thermal softening trend, i.e. the variation in the
dynamic flow stresses as a function of temperature. Here the flow stresses at dif-
ferent plastic strains are plotted against with their corresponding temperatures,
including the temperature rise from the initial test temperature due to the adiabatic
heating. This thermal softening trend revealed three features:

(a) Below α → β transus: At low temperatures where CP-Ti is in the alpha phase
field, the flow stresses drop significantly with increments in temperature. The
trend is almost linear except for a reduced softening rate between room tem-
perature and 500 °C. This deviation appears to peak occur around 250 °C.
Similar phenomenon has been reported previously by Nemat-Nasser and Cheng
[14] and was attributed to dynamic strain aging (DSA) whose peak temperature
varied with the deformation rate. During deformation at a strain rate of
2200 s−1, they also observed a deviation peak around 250 °C, exactly matching
the trend we observe. The flow curves from this temperature range also showed
a significantly higher work hardening rate (Fig. 3), strengthening the theory that
DSA was the cause of this behavior.

(b) At α → β transus: Between the test conducted at 819 °C in alpha phase field,
and the test at 889 °C in the beta phase field, there is quite an abrupt drop. The
allotropic transformation which occurs at 882 °C results in hcp α phase to turn
to the weaker bcc β phase, which has more number of the available slip systems
to accommodate plastic flow. This could be the reason for the discontinuity in
the softening trend as seen in the Fig. 2.

Table 2 Room temperature dynamic flow stress comparison

Data source Test method Strain rate
(s−1)

Stress (MPa) at true strain
0.025 0.1 0.25

NIST SHPB compression 1800 750 950
Gurao [7] SHPB compression 1500 650 900
Li [8] SHPB compression 3000 700 1200
Wang [9] SHPB compression 4000 800 1000
Yuan [11] SHPB tension 1100 500 650
Huang [10] SHPB tension 1400 450 700
Nemat-Nasser [3] SHPB compression 2200 300 800
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(c) Above α → β transus: These high temperatures where CP-Ti is in beta phase
field are marked darker grey in Fig. 2. The thermal softening rate here, between
889 and 1200 °C, appears monotonically linear but the slop is significantly
milder. This indicates the softening rate is weaker in the beta regime than that
seen in alpha regime (light grey on left in Fig. 2).

Fig. 2 Thermal softening in the flow stresses at 0.1, 0.15, 0.2, and 0.25 strain with increasing
temperature

Fig. 3 Rate of work
hardening in the flow curves
from various test
temperatures, showing a peak
around 250 °C
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At temperatures below beta transus, our thermal softening observations are in
good agreement with Cheng and Nemat-Nasser’s data (Fig. 4) as well as their
physical model, which considered athermal long range, and thermally activated
short range barriers for dislocation motion together with evolution of the core
atmosphere, and interaction of dislocation and point defects. However, despite the
14 material constants in this complex model, the softening behavior at further high
temperatures above the transformation temperature would not be captured by it. In
order to cover the constitutive response over this entire temperature range, a dif-
ferent material model or a modification to existing models is necessary and we are
attempting to develop such a flow stress equation, which will be presented in a
future publication.

Conclusion

This paper explores the dynamic mechanical response of commercially pure tita-
nium (Grade-2) material at very high temperatures much beyond existing literature.
The focus is particularly on thermal softening behavior, the variation of flow
stresses with temperature. The low temperature softening was similar to existing
literature, including the presence of dynamic strain aging in the temperature range
of 23–500 °C. High temperature data indicated that allotropic transformation also
causes a sharp deviation from a monotonic softening trend. The transformation
from hcp to bcc crystal structure at 882 °C had a twofold effect, the former being a
sharp drop in the flow stress and the latter being the shift in the softening rate as
well. Such constitutive response needs a new modification or model to effectively
capture this flow stress trend.

Fig. 4 Comparison of NIST
data, normalized flow stresses
at 0.2 plastic strain, with
Nemat-Nasser’s data and
their physical model’s
prediction [3]
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Shock-Induced Mechanical Response
and Substructural Evolution of Ti–6Al–4V
Alloy

Yu Ren, Shimeng Zhou, Zhiyong Xue and Chengwen Tan

Abstract The effects of shock stress amplitude on the post-shock mechanical
response and substructural evolution of Ti–6Al–4V alloy are investigated within the
impact stress range of 6–10 GPa. The reload yield behavior of post-shock Ti–6Al–
4V does not exhibit enhanced shock-induced strengthening at an effective strain
level even if the shock stress achieves 10 GPa. The residual substructures of
post-shock Ti–6Al–4V are examined by transmission electron microscopy. Results
reveal that planar slip is the dominant deformation mechanism of this alloy during
shock loading pulse. Dislocations tangle and form developed dislocation clusters
(planar slip bands) with increased impact stress. The lack of dislocation cells or
cell-like structures, high-density twins and additional strengthening phases limits
the shock-induced strengthening effect in post-shock materials. However, disloca-
tion multiplication and tangles lead to increased yield strength and strain hardening
rate of reloaded materials.

Keywords Ti–6Al–4V alloy ⋅ Shock wave loading ⋅ Reload mechanical
properties ⋅ Substructural evolution
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Introduction

Microstructural changes such as defect generation and phase transformation may
occur during the propagation of shock waves. These changes in microstructure can
alter the mechanical properties of metals. Although the preshocked metals usually
have a higher yield stress than the original materials, the strengthening effect caused
by shock loading is not always stronger than that produced by work hardening in
conditional deformation process (such as forging, rolling and extrusion, etc.) at the
effective strain [1]. In particular, the extent of strengthening is dramatically affected
by the crystal structure, which determines the type, morphology, and density of the
defects as a result of the shock-loading pulse [1, 2]. For example, in
face-centered-cubic (fcc) metals possessing high stacking fault energy (SFE; >60
mJ m−2) and low Peierls stress such as Ni, dislocations more easily nucleate, travel,
and cross slip, thereby tending to form developed dislocation cells resulting in
significant strengthening of these materials [2, 3]. Low-SFE (<40 mJ m−2) alloys
with the fcc structure (e.g., 304 stainless steel) are characterized by planar dislo-
cation arrays, stacking faults, and twins in {111} planes, which also produce a
certain degree of shock-induced hardening effect in these kind of materials [2].
Meanwhile, body-centered-cubic (bcc) materials have fewer operating slip systems
and higher Peierls stress than fcc crystals, which means fewer dislocation nucle-
ation and greater resistances to defect motion during shock wave loading. Conse-
quently, the predominant shock-induced substructures in bcc metals (like Ta and
Mo) are tangled long straight screw dislocations [4], dislocation loops and debris [4,
5], and a certain amount of twins [4, 6]. Hence, considering the relatively low defect
density and fewer interactions of defects, bcc materials commonly do not display
enhanced strengthening effect under shock-loading conditions at an effective strain
level. However, studies on the shock-induced substructural variation and its
influence on the mechanical properties of hexagonal-close-packed (hcp) metallic
materials such as pure titanium and its alloys are limited [1, 7].

In this study, the response of commercial Ti–6Al–4V alloy (hereafter denoted as
Ti64) with bimodal microstructure to shock wave loading was investigated because
of relatively low price and widespread application of this alloy. Bimodal
microstructure seems to benefit the fracture resistance of Ti64 under high-strain-rate
loading conditions [8, 9]. The effect of shock stress amplitude on the post-shock
mechanical properties of Ti64 was revealed through the quasi-static reload com-
pression tests at room temperatures. The substructural evolution of the preshocked
alloys was also characterized by transmission electron microscopy (TEM) to dis-
play the reasons for changes in the mechanical properties of this alloy.
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Material and Experimental Procedure

The Ti64 alloy used was a 30 mm-diameter forging bar stock. The chemical
composition (in wt%) is Al 5.82, V 3.84, Fe 0.16, O 0.08, C 0.024, H 0.0014, N
0.023, and balanced Ti. The beta-transus temperature Tβ of this alloy determined by
differential scanning calorimetry is 1266 K. In order to acquire bimodal
microstructure, the forging bars were annealed at 1206 K (60 K below Tβ) for
60 min followed by air cooling. Figure 1 shows the optical and TEM microstruc-
tures of Ti64 before shock wave loading. The microstructure of the heat-treated
Ti64 is composed of the mixture of equiaxed primary α and transformed β. The
volume fraction of primary α-phase is about 57%. The TEM image of the
heat-treated Ti64 (Fig. 1b) indicates a low dislocation density and the absence of ω
phase before shock wave loading. Plate impact specimens (recovery samples) were
machined from the center area of the bar stock, such that the impact axis was
parallel to the axis of the billet.

Shock recovery experiments were conducted on a 57-mm-diameter and
12.5-m-long single-stage gas gun. Soft recovery target assembly was designed
according to Ref. [10]. The shock recovery fixture consists of a 23-mm-diameter
and 9-mm-thick recovery sample, stacked behind a 70-mm-diameter and
2.5-mm-thick cover plate. The sample was protected from residual strain and
spallation by surrounding an inner momentum trapping ring with outside diameter
of 67 mm and supporting with a 10-mm-thick spall plate. The inner momentum
trapping ring and spall plate were further concentrically surrounded by an outer
momentum trapping rings with outside diameter of 78 mm. The recovery sample
and the inner momentum trapping ring were interference fit together. Two trapping
rings, cover plate and spall plate were assembled with slip fit. Molybdenum
disulfide grease was used during assembly of the trapping tings to remove air gaps
in the assembly and to facilitate ring separation during recovery.

Fig. 1 Microstructure of the Ti64 before shock loading: a optical micrograph showing the
bimodal microstructure, b TEM image showing a low dislocation density in the primary α phase
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The Ti64 samples were impacted by flyer plates within the velocity range of
525–843 ms−1 to yield impact stresses ranging from 6.24 to 10.34 GPa. All
experiments were conducted in symmetrical impact, which means that the recovery
assembly and flyer plate were made of the same material (Ti64). The thickness of
flyer plates, which was calculated according to Ref. [10], ranged from 4.14 to
4.33 mm to ensure constant pulse duration of 1.5 μs. Impact stress was calculated
by P= ρ0USuP = ρ0 C0 + SuPð ÞuP, where, uP is the particle velocity that is equal to
0.5 times the impact velocity for symmetrical impact, ρ0 and the shock parameters
C0 and S can be found in Ref. [11]. The impact surfaces of all recovery assemblies
and flyer plates were mechanically polished to ensure that the surface roughness
was less than 0.8 μm. The planarity of the target assembly to the flyer plate was
controlled by adjusting the specimen mount to better than 1 mrad. The impact
velocities were measured by an electro-optical system to an accuracy of about 0.5%.
After shock loading, the recovery samples were flat and possessed residual plastic
strains of 1.6–1.9%, indicating that the influence of lateral release waves on the
recovery samples is deemed to be negligible. The residual strain is defined here as
the starting sample thickness minus the recovered sample thickness following shock
loading divided by the starting sample thickness.

The original material and alloys preshocked at 6.24–10.34 GPa were sectioned
from the center area of the heat-treated forging bar and recovery samples respec-
tively into several compression cylinders (4 mm in diameter and 8 mm in thick-
ness) for quasi-static reload compression tests. These reload compression tests were
performed at room temperature under a strain rate of 10−3 s−1 using an MTS 810
hydraulic servo machine. Tests were continuously conducted until the cylinders
fractured.

To observe substructure changes of the preshocked alloy, TEM analyses were
conducted using a JEOL JEM-2100 system at an accelerating voltage of 200 kV.
For TEM observations, thin samples with an initial thickness of 0.5 mm were cut
from the recovery samples along the longitudinal (impact) direction, reduced to less
than 40 μm thick by mechanical means, then punched into several standard
3 mm-diameter TEM discs, and finally thinned by ion milling.

Results and Discussion

Post-shock Mechanical Response

Figure 2a shows the quasi-static compression stress–strain curves of the post-shock
alloys at room temperature in conjunction with the original materials. The reload
stress–strain curves of the post-shock alloy have been offset with respect to the
original material by the equivalent strains accumulated during the shock-loading
process. This expression enables comparison of the strengthening effects imparted
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by the propagation of shock waves with those produced by conventional uniaxial
stress loading [1, 12]. The shock-induced equivalent strain (εeq) is defined as [12]:

εeq =4 ̸3 lnðV ̸V0Þ ð1Þ

where V and V0 are the final compressed and initial specific volumes of the
material, respectively. The values of V and V0 can be determined from the shock
Hugoniot through the conservation relations [12]. The shock Hugoniot of Ti64 is
described elsewhere [11].

In all cases, the reload curves for preshocked Ti64 exhibit a higher flow stress
than the original material during room temperature compression tests. However, the
post-shock alloys display a lower yield stress than the corresponding flow stress of
the original material at the effective strain level, as shown in Fig. 2a. It indicates
that shock-loading process cannot improve the strengthening effect of Ti64 even if
the impact stress exceeds 10 GPa. Namely, the strengthening effect caused by shock
loading is weaker than the work hardening in the conventional deformation process.
When the plastic deformation proceeds, the reload curves begin to lie above the
original one, indicating more significant strain hardening of the preshocked Ti64
with increased strain. Finally, the reload samples fracture with a fracture strain
smaller than the original value (0.53). Fracture strain of preshocked materials
ranges from 0.49 to 0.46 and decreases slightly with increased shock stress. The
fracture strain is defined as the maximum strain that the specimen endures before it
fractures during the compression test.

Figure 2b shows the corresponding compression yield stress and ultimate
strength of the post-shock Ti64 as a function of the impact stress at room tem-
perature. The yield stress of preshocked alloys rapidly rises as the impact stress
increases. Compared with the original material, the yield stress of Ti64 increases by
about 159 MPa after shock loaded to 10.34 GPa. This result suggests that the defect

Fig. 2 a Typical reload compression stress–strain curves, b strength of the post-shock alloy
versus shock-loading stress for Ti64 with bimodal microstructure at room temperature under a
strain rate of 10−3 s−1
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type, morphology or density of Ti64 may have been markedly changed during
shock loading pulse. On the other hand, the ultimate strength of preshocked Ti64 is
hardly changed, implying that the proliferation of defects reaches saturation as the
plastic deformation proceeds.

Substructural Evolution

Figure 3 presents the TEM images of dislocation substructure features in Ti64 soft
recovered from different impact loads. Compared with the original material
(Fig. 1b), the dislocations in the α phase of the 6.24 GPa shocked Ti64 significantly
increase in density and become longer and straighter during shock-loading pulse, as
shown in Fig. 3a. These dislocations also arrange in parallel to some extent. Thus,
the substructure of Ti64 shock loaded at a relatively low impact stress primarily
consists of parallel-aligned long and straight dislocations. With increased impact
stress up to 8.08 GPa, the dislocation density in the α phase of preshocked Ti64
further increases (Fig. 3b). These dislocations stagger mutually and form a mesh
structure, implying more slip system activated at a higher impact stress level. This
substructural characteristic is similar to the “planar slip” observed in A-70 Ti
shocked to 11 GPa [7]. As seen in Fig. 3c, when the impact stress reaches 10.34
GPa, the density of those long and straight dislocations continuously increases. In
some areas, dislocations gather and tangle, and tend to form cluster-like structures,
similar to those planar slip bands appearing in Ti64 undergoing the large-strain
deformation at quasi-static and dynamic strain-rates [13]. This result indicates that
dislocation interaction has fully proceeded within the time of 1.5 μs, confirming the
characteristic timescales for shock-induced substructure evolution proposed by
Bourne et al. [14]. Namely, the generation and movement of dislocations are faster
under shock loading conditions. No twins, developed dislocation cells or cell-like
structures are observed in Ti64 with bimodal microstructure even shocked at 10.34
GPa. In addition, analyses on the selected area electron diffraction patterns obtained
from the α region in the preshocked materials show the existence of only an α
phase, thereby confirming the absence of shock-induced α-to-ω and other phase
transformation in Ti64 with at least 10 GPa. This result is consistent with the
performance of A-70 Ti [7].

The shock-induced defect substructure directly affects the post-shock mechanical
properties of Ti64. Defects multiplication result in the increased yield stress and
strain-hardening rate of the reloaded Ti64 at room temperature, as shown in Fig. 2.
Dislocations proliferate with increased impact stress, leading to a rapid increase in
the yield stress of this alloy as the impact stress exceeds 6 GPa. Nevertheless, the
low symmetry and relatively high Peierls stress of the hcp structure restrict further
nucleation, traveling, interaction of dislocations, and formation of dislocation cells
or cell-like structures in Ti64 under shock-loading conditions. Moreover, the for-
mation of high-density twins and additional strengthening phases such as ω or
Martensite phase is suppressed during shock-loading pulse, also bringing about the

494 Y. Ren et al.



limited strengthening effect. Therefore, Ti64 does not display an enhanced
strengthening response at an effective strain level even though the impact stress
attains 10 GPa (Fig. 2a). The defects introduced by shock loading hinder the
motion of dislocations during reload deformation, resulting in the decreased plastic
strain of the preshocked Ti64.

Conclusions

In this study, Ti64 alloy was subjected to shock wave loading and reloaded
quasi-statically at room and temperature to investigate the effect of impact stress
amplitude on the post-shock mechanical response and substructural evolution of
this alloy. Ti64 does not display an enhanced shock-induced strengthening effect
compared with the original material at an equivalent strain level at room temper-
ature even if the preshocked stress exceeds 10 GPa. Planar slip dominates the
shock-induced plastic deformation process in Ti64. The lack of dislocation cells or
cell-like structures, high-density twins and additional strengthening phases such as
ω or Martensite phase limits the further strengthening of this alloy through shock

Fig. 3 Bright field TEM images showing dislocation substructures of Ti64 shock loaded to a 6.24
GPa, b 8.08 GPa, c 10.34 GPa
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loading. However, dislocation multiplication during shock loading lead to a rapid
increase in the yield strength and increased strain-hardening rate of the reloaded
materials at room temperature.
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The Use of Circumferentially Notched
Tension (CNT) Specimen for Fracture
Toughness Assessment of High Strength
Steels

V. A. Popovich, T. Opraus, M. Janssen, B. Hu and A. C. Riemslag

Abstract The fracture toughness of high strength steels is commonly determined by
standard methods using Compact tension (CT) or Single edge notched bend (SENB)
specimens. In the past the Circumferentially Notched Tension (CNT) geometry has
been reported as a potential candidate for determining the fracture toughness of
highly constrained cracks, theoretically approaching plane strain conditions, even
for small specimen dimensions. The goal of this study is to develop a more fun-
damental understanding of the CNT methodology and apply it to high strength
S690QT steel. An alternative prefatiguing method was developed and a straight-
forward relation was established between the Crack Mouth Opening Displacement
(CMOD) and the Crack Tip Opening Displacement (CTOD). With the new exper-
imental aspects, it proved feasible to determine upper-shelf CTOD values for
S690QT steel, using small CNT specimens (D = 12 mm), tested at room temper-
ature with a relative high loading rate. Furthermore, CNT low temperature values
were found comparable to those of conventional SENB tests. Hence, the research
demonstrates that CNT geometry allows for small scale high loading rate specimen
testing, resulting in simple, rapid and cost effective fracture toughness determination.

Keywords Fracture toughness ⋅ Circumferentially notched tensile test
High strength steel

Introduction

Most structural applications require the selection of materials with optimum com-
bination of strength, ductility and fracture toughness for effective service perfor-
mance. Fracture toughness is a property which describes the ability of a material
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containing a crack to resist fracture and it is considered one of the most important
mechanical properties for structural integrity assessment of components.

Fracture toughness (KIC, crack tip opening displacement (CTOD) and
J-Integral), is traditionally determined using standardized (ASTM E399 [1], E1820
[2], BS 5762 [3]) Compact Tension (CT), and Single Edge Notched Bend (SENB)
test specimens. Unfortunately, these tests are expensive and time consuming.
Furthermore, the validity of the tests is governed by two main factors, a minimum
required specimen size and a symmetry of the resultant crack front, which are not
easy met in actual practical applications.

A practically convenient and cost effective Circumferentially Notched Tension
(CNT) specimen is proposed is this work as a potential candidate for determining
the fracture toughness of highly constrained cracks. The CNT specimen represents a
round bar loaded in tension with a prefatigued notch along its circumference, which
contrary to SENB and CT specimen, has no free ends and therefore should provide
valid plain strain crack tip loading condition for the smallest possible specimen size
[4–7]. Hence, the CNT geometry potentially requires less material, while machining
of the specimen is easier and cheaper compared to traditional testing specimens.

In this paper fracture toughness values (CTOD) of high strength steel S690QT
were measured at room and low temperature. The CTOD parameter was chosen as
theoretically it is based on the physical deformation of the crack faces and it does
not have mathematical limitations regarding the level of plastic deformation ahead
of the crack tip or elastic unloading associated with crack growth or stress-strain
relationship. Ductile to brittle transitional curves determined based on CTOD
results for both CNT and SENB geometries were compared and equivalency
between the tests is discussed.

A common issue encountered in CNT specimens is a possible development of
eccentric pre-fatigue cracks. This matter was assessed by comparing the symmetry
of cracks developed using two distinct pre-fatiguing techniques. The first technique
is the well-established loading by rotational bending (RB) [6–10], while the second
novel technique is designated as compression-compression (C-C) pre-fatiguing.
Fracture surface was examined by means of optical and scanning electron micro-
scopy (SEM).

Experimental Details

Material and Sample Preparation

High-strength S690QT steel, a typical steel for offshore application featuring fine
grained tempered martensitic microstructure and a yield strength of 760 MPa was
used in this work. The samples were cut from a 60 mm thick slab with the com-
position shown in Table 1. In order to eliminate through thickness microstructural
inhomogeneity the samples were taken 10 mm below the surface.

CNT specimens with notch geometry details shown in Fig. 1 were used for
fracture toughness measurements. All dimensions of CNT specimens are related to
the outer diameter.
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Equivalency tests were performed using sub-sized Single Edge Notched Bend-
ing (SENB) specimens with W = 20 mm high by B = 10 mm thick by 100 mm
long with a span of S = 80 mm. The specimens were loaded in three point bending
according to the AFSuM procedure [11] and BS7448:1991 [12]. All fracture
specimens were tested with a through-thickness notch parallel to the rolling
direction using an MTS 858 servo hydraulic. All SENB fracture samples were
tested with an a0/W ratio of approximately 0.54. Tests were performed at different
temperatures at a loading rate of 2 mm/s.

Pre-fatiguing of CNT Specimens

The fatigue pre-cracking of CNT specimens was performed by two different
methods:

• via Rotational Bending (RB), which is a conventional way of pre-fatiguing CNT
specimens [6–9]. The RB pre-cracking was performed with a “Sincotec 50 Nm
four-point rotational bending machine”, using a gauge length of 50 mm between
the grips. Fatigue pre-cracking was done at a rotational speed of 2000 rpm
(33.3 Hz) and a bending moment of 18 Nm, resulting according to [10] in a final
stress intensity value of 15 MPa√m. A stiff level system, coupled to a load cell,
enabled the bending moment to be applied in a so-called displacement controlled
manner. During pre-fatiguing, crack development constitutes a reduction in
bending stiffness, resulting in a load drop, registered by the load cell. As such, the
degree in load drop was used as a means to monitor the internal (and optically
hidden) crack extension. A subsequent moment reduction of 5% led to a cir-
cumferential crack length of 1 mm for a gauge length of 50 mm. Theoretically,

Table 1 S690QT composition determined by means of X-ray fluorescence (XRF)

Element C Si Mn P Cr Mo Ni Cu Al Nb

Wt (%) 0.16 0.2 1.3 0.01 0.36 0.45 0.01 0.081 0.093 0.029

Outer diameter D 12 mm
Notched diameter d 8 mm
Ligament diameter da 6 mm

Diameter ratio da/D 0.5
Fatigue crack length Δa 1 mm

Notch depth amach 2 mm
Total crack length atotal 3 mm

Length L 100 mm
Notch angle β 60 o

Notch radius ρ 0.2 mm

Fig. 1 CNT notch and pre-crack geometry details
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this pre-fatigue technique should produce symmetrical cracks, due to the inter-
actions of crack length, stiffness and (local) stress intensity.

• via The Compression-Compression (C-C), method, which is a novel pre-fatigue
technique.
The C-C method was used to create a circumferential crack extension of about
1 mm, constituting two distinct steps (see schematic in Fig. 2). Firstly, the
specimen is given a single compressive load, with a level known to cause a
small (compressive) plastic region around the geometrical stress concentration
(at the notch root). During subsequent unloading, residual stresses will develop
originating from the compressive plastic region. Without external load, the
residual stresses are tensile at the notch edge region and become compressive in
the centre region. In the second step, the specimen is pre-fatigued in full
compression, constituting compressive nominal stress levels in the ligament,
normally not causing crack initiation. However, the local residual tensile stresses
at the notch root, are cyclically relieved by the nominal compressive fatigue
load. This causes a fatigue crack to develop from the notch root, but the crack
will arrest when its length has growth through the region with residual tensile
stresses. Therefore, the C-C pre-fatigue method is self-regulating (i.e. the crack
automatically arrests). If, crack initiation periods would vary at different notch
root positions, the C-C prefatigue is still likely to give symmetric crack
extensions. The crack extension (i.e. crack arrest) depends on the size of the
region with residual tensile stresses, not on the number of fatigue cycles.
However, it must be ensured that enough cycles are applied for even the slowest
crack extension to reach the moment of crack arrest.

The Compression-Compression fatiguing was performed on a hydraulic MTS
350 kN fatigue testing machine with a single compression load of 72.1 kN,
equivalent to a nominal stress level of 89% of the yield strength. Application of 105

compressive fatigue cycles was found to give a symmetric crack extension of
approximately 1 mm.

Fracture Toughness Testing and Evaluation

Fracture toughness measurements were performed on CNT specimens, at a cross-
head speed of 2 mm/min using two universal testing machines, recording the sig-
nals of load and Crack Mouth Opening Displacement (CMOD) as raw test data.

Room-temperature tests were performed on an Instron 5500R 100 kN universal
testing machine, recording CMOD signals of two Instron extensometers (gauge
length 12.5 mm), placed diametrically opposite of each other. Two extensometers
were used to reduce potential effects of asymmetric crack growth phenomena.

Low temperature testing was performed on a Zwick 100 kN universal machine,
using a Zwick standard clip-on extensometer, which has a non-adjustable gauge
length of 20 mm. A thermocouple welded near the specimen notch was used to
monitor the test temperature, similar to the AFSuM approach described in [11, 13].
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For all specimens two extensometers, placed diametrically opposite to each
other, have been used. This means that two CODs were directly measured during
the test and the largest of the two was used as the critical CTOD. A straightforward
relation was established between the Crack Mouth Opening Displacement (CMOD)
and the Crack Tip Opening Displacement (CTOD).

Calculation of the critical CTOD from conventional SENB specimens requires a
complicated approach, where the hinge effect has to be taken into account [12]. In
order to measure the CTOD for a CNT specimen two factors had to be defined: the
load at which the critical CTOD is found (maximum load coinciding with fracture
initiation occurs) and the linear elastic part of the load-displacement curve. This is
important as the measured elastic component is assumed to be the elastic defor-
mation of the bulk material, and all plastic deformation is assumed to be due to
crack opening. In cases where the elastic behaviour was not easily visible, as will be
shown for most C-C specimens (Fig. 3a), unloading-compliance tests showing pure
linear elastic behaviour during the unloading part were used. In order to determine
elastic behaviour the Koiter-Benthem compliance function was applied [14], see
Fig. 3b.

Results and Discussion

Effect of Pre-fatiguing Method on Room-Temperature
Fracture Toughness

Fracture surfaces of rotational bending and compression-compression specimens
(see Fig. 4) show the capabilities of both approaches to create a macroscopically
centric 1 mm fatigue pre-crack.

Fig. 2 Schematic depicting Compression-Compression pre-fatiguing process, where blue region
indicates the region having a tensile residual stress
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When comparing the initial parts of the load-displacement curves for RB and
C-C samples, it can be seen (Fig. 5) that RB show almost fully linear behaviour,
while the C-C samples do not show any linear behaviour. The other major differ-
ence is the average critical CTOD found. For the C-C specimen the CTOD is
0.18 mm, while it is 0.12 for the RB specimen, which is a significant difference of
50%. It should also be noted, that the effect of eccentricities on fracture toughness
was found insignificant, as there were no correlations observed. It might be
explained by the ductility of the material, which allows to compensate for eccen-
tricity and result in load-line realignment during testing.

Two possible explanations are proposed to explain the different behaviour of
C-C specimens, see Fig. 6. The first is the possibility that a certain amount of
compressive plastically deformed zone was created after the pre-fatiguing, which
possibly influences the tensile behaviour during the fracture toughness tests. The
other is based on the principle of the compression-compression approach, where
possibly a stress-free crack is created. This would mean that the complete tensile
residual stress zone has been cracked and the material at the crack tip is completely
undeformed and thus stress-free.

Fig. 3 Unloading compliance tests showing a C-C specimens with no distinguishable elastic
behaviour b elastic behaviour determination based on Koiter-Benthem [14] compliance approach

(a)
Fatigue pre-crack

Fractured ligament

(b)

Fig. 4 Fracture surfaces of a rotational bending and b Compression-Compression samples

502 V. A. Popovich et al.



Rotational bending on the other hand, is similar to standard three-point bending
fatigue methods, where the crack-tip plastic zone tends to produce compressive
stresses in front of a crack. This might explain the substantial difference in CTOD
results. These results indicate that tensile stresses influence the fracture toughness
behaviour. Hence, the reduced CTOD value, observed for RB samples, might also
indicate that the conventional SENB measurements (for room temperature testing)
are underestimates, as the pre-fatigue method influences the results. Furthermore, it
is known, that the CTOD and ductile tearing criteria are designed primarily to
assure that the plastic zone is not large enough to interfere with the boundaries of
the specimen and therefore give overestimated results. This observation is further
supported by the results of sub-sized SENB (AFSuM), where it was found
impossible to determine a reliable CTOD at room temperature because of the
so-called material’s plastic collapse [11]. Plastic collapse is often regarded in a
fracture mechanics context as an extreme situation where a damage-tolerant ductile
system reaches its yield strength and fails by gross plasticity before any cracks
reach a large enough driving force to grow and/or growth is inhibited because of
extreme blunting [15, 16]. This problem does not seem to occur in CNT specimen,
because the constraint in the ligament is large enough to allow the material to
sustain a far larger stress before failure, and therefore the failure mechanism is
dominated by the crack instead of plastic collapse.

Effect of Low Temperature and Equivalency
with Conventional SENB Testing

Figure 7 shows ductile-to-brittle transition curves from CNT and SENB specimens.
Room temperature fracture toughness tests on sub-sized SENB (AFSuM) samples

Sample Eccentricity, 
mm

CTOD, 
mm

Rotational 
Bending

(RB)

1 0.15 0.12
2 0.15 0.12
3 0.12 0.12
4 0.15 0.13
5 0.21 0.14

Compression-
Compression

(C-C)

1 0.00 0.19
2 0.00 0.17
3 0.20 0.17
4 0.15 0.21
5 0.03 0.19

(a) (b)

Fig. 5 Comparison of room temperature fracture toughness results for rotation bending (RB) and
compression-compression (C-C) CNT samples: a load displacement curves for two tests
b eccentricity and CTOD results
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did not measure any fracture behaviour, but, as previously discussed [11], due to
yielding through the full height of the ligament, it is rather dependent on plastic
materials properties, such as yield strength. Hence it was not possible to determine
the equivalency between the CNT and SENB tests performed at room temperature.

While it is clear that the sub-sized SENB specimens will not satisfy most size
criteria for upper shelf CTOD, they are adequate for transition and lower shelf
values and these lower temperature results showed a valid comparison. It can be
seen that the CTOD for the C-C tests appears to be close to the AFSuM fit, contrary
to the RB tests. SEM fracture surface of C-C samples (Fig. 8b) shows a mixed
mode fracture, while the RB specimen (Fig. 8a) shows a pure ductile failure with
voids visible near the fatigue crack front, indicating that plasticity occurred before
failure. This observation confirms that the RB specimens did not show a fully brittle
failure, as was already indicated from the load-displacement curves. The red line,
shown in Fig. 8a, indicates the length of the ductile zone, which was measured to
be about 70 µm. This zone is known as the stretch zone width (SZW), and is an
indicator for the critical CTOD. The stretch zone width is half the length of the
CTOD, meaning the CTOD at the point measured should be 0.14 mm, which is in
good agreement with 0.15 mm determined from load-displacement curves.

One possible explanation for these results is the shape (i.e. sharpness) of the
crack tip after the two types of pre-fatiguing methods. The C-C should have a very
sharp crack tip, due to an absence of a nominal tensile loading, and associated
absence of blunting of the crack tip, during pre-fatiguing. However blunting is
presumed to happen in the rotational bending process, which possibly explains the
difference in room temperature CTODs. When the specimen is cooled to below the
ductile-to-brittle transition temperature the absolute shear strength is expected to

Tension 

Fig. 6 Schematic depiction of the two possible stress situations at the crack tip for C-C approach
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increase up to a level where cleavage mechanisms take over. Instead of reducing the
critical CTOD, the slight blunting of the crack tip (RB specimen) would then reduce
the stress localisation at the crack tip, allowing it to deform to a higher CTOD level
than the sharper C-C specimen.

The general conclusion from these tests is that equivalency between CNT and
SENB specimen can be found, with the C-C pre-fatiguing method showing the

Fig. 7 Ductile to brittle transition curves for steel S690QT measured by two different fracture
toughness methods: conventional sub-sized SENB (represented by AFSuM) and CNT (represented
by compression-compression (C-C) and Rotational Bending (RB) sample)

Fig. 8 Room temperature fracture surface showing a voids next to the fatigue crack of rotation
bending specimen; b local cleavage zone in compression-compression specimen
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most promising results. Room temperature equivalency cannot be proven, as no
valid SENB data are available. However adding the room temperature C-C results
would allow to fill the missing gap and extrapolate the SENB (AFSuM) curve to a
valid upper shelf. Rotational bending pre-fatigued specimens do not follow this
curve, which could be caused by the combination of constraint with the more
blunted crack tip (i.e. the more pronounced pre-fatigue plastic zone size).

It should also be noted, that the room temperature CTOD results for C-C samples
show considerable scatter, which is most likely caused by local brittle zones
observed in the material. SEM observations of C-C samples showed that the
fracture surface is mostly represented by ductile failure with some areas of local
cleavage planes, as shown in Fig. 8b. Brittle failure (cleavage) has a probabilistic
nature, which might explain the high scatter in room temperature results. The local
brittle zones were not found in the RB specimen.

Conclusions

The following conclusions can be drawn from the results of tests on Circumfer-
entially Notched Tension (CNT) specimens:

• Both Rotational bending (RB) and a new Compression-Compression (C-C)
pre-fatiguing methods can lead to centric circumferential cracks in CNT
specimens.

• C-C and RB specimens show different load-displacement curves: RB initially
shows a clear linear-elastic behaviour, while C-C does not.

• C-C specimens have a room temperature CTOD of 0.18 mm, while RB have
0.12 mm. It is proposed that the difference is caused by a stress-free material
condition at the crack tip of the C-C specimen.

• Sub-sized SENB testing gives an underestimation of the upper shelf CTOD,
which is believed to be due to the influence of plastic collapse observed at room
temperature testing.

• CNT C-C specimens are able to determine a more realistic CTOD for room
temperature fracture toughness testing.

• Low temperature fracture-toughness testing showed equivalency between
sub-sized SENB and CNT specimens with the C-C pre-fatiguing approach.

Hence, it can be concluded that CNT geometry can be considered a promising
option to simplify and improve fracture toughness testing for relatively ductile
materials. To substantiate size independency, it is recommended to perform addi-
tional tests, on a wider range of specimen sizes. Furthermore, the effect of material
types, including different yield strengths, should be investigated. An important
finding of this work related to stress free crack with C-C pre-fatiguing should be
further experimentally validated by high resolution electron-back scattered (EBSD)
measurements.
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A Low-Cost, Laboratory-Scale Method
to Identify Regions of Microstructural
Changes in Response to Dynamic Loading
Conditions

Benjamin Lund and Judith Schneider

Abstract This work outlines the development of a low-cost, laboratory-scale
experiment method based on metal cutting techniques to support first-principles
modeling of structural material responses under a range of dynamic loadings. The
range of strain rates of interest is similar to that experienced in metals in advance of
a cutting tool with maximum shear strains up to 4 at maximum shear strain rates up
to 108 s−1. By characterizing the chips formed at the varying strain rates, regions of
microstructural changes can be readily identified and stress versus strain curves of
interest can be produced.

Keywords Dynamic material properties ⋅ High strain rate testing
Structure-properties-performance under dynamic loading

Introduction

Generation of material databases to support first-principles modeling requires data
over the strain rate range from 100 to 108 s−1 [1–5] Data within the strain rate range
of 103–104 s−1 is typically obtained using a split Hopkinson bar while higher strain
rate data is typically obtained through explosions or ballistic impact testing [6, 7].
The use of different test apparatus can result in discontinuities in material behavior
across the range of strain rates, which may be due to either testing apparatus
artifacts or microstructural changes. Use of one test apparatus would allow rapid
identification of regions of microstructural changes which can be correlated with
changes in material behavior.

The range of strain rates of interest to first-principles modeling efforts are similar
to that experienced in metals during the cutting process [1, 8]. This provides the
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basis for a low-cost laboratory-scale experiment that utilizes metal cutting tech-
niques to investigate material response over a wide range of strain rates. By
studying the response of a metal to varying strain rates, the influence of the
microstructural evolution can be studied and understood with respect to damage and
failure mechanisms.

Background

In orthogonal machining, the tool has a single, straight cutting edge oriented par-
allel to the cutting surface and perpendicular to the direction of travel. If the depth
of cut is small compared to the width (w < 20t), it can be assumed the chip is
formed under plane strain conditions [9]. Four types of chips, shown in Fig. 1,
occur during metal cutting operations.

The first three types of chips (Fig. 1a–c) were defined by Ernst [11] and Mer-
chant [12, 13] while the fourth type (Fig. 1d) was widely observed as manufac-
turing technology improved and cutting speeds increased. Type 4 chips are
continuous but consist of narrow shear bands of severely deformed material
between larger areas of relatively un-deformed material. These chips occur when a
narrow band of material in front of the tool is subject to localized adiabatic heating
which weakens the material resulting in localized deformation. This localized
adiabatic heating and resulting deformation is referred to as shear bands. It is
observed that shear bands tend to form at higher cutting speeds and the shear band
spacing increases with cutting speed [14, 15]. Mathematical analysis of orthogonal
cutting, formulated by Merchant [13] and shown in Fig. 2a, treats the chip as a free
body and resolves the forces involved in the cutting process. This model, however,
assumes all deformation takes place in a single plane resulting in a constant flow
stress and a discontinuity in velocity at the shear plane. Kececioglu [16] attempted
to measure stress and strain at high strain rates using a quick-stop device to embed a
cutting tool in a workpiece and then obtain images of the chip formation. The size
and shape of the plastic zone was estimated based upon the beginning and end of
grain deformation. From these results, it was assumed the plastic zone can be
represented by a parallel sided model as shown in Fig. 2b. This shear zone model
was further refined by Stevenson and Oxley [17, 18].

Fig. 1 Basic chip types: a type 1, discontinuous, b type 3, continuous with built-up-edge, c type
2, continuous, and d type 4, localized shear [10]

510 B. Lund and J. Schneider



The location of the shear zone is dependent upon the shear angle, ϕ, which can
be found based upon chip thickness ratio, t1/t2, and the rake angle, α, using Eq. 1
[18];

tanϕ=
t1 ̸t2cosα

1− t1 ̸t2sinα
ð1Þ

If the thickness of the shear zone, Δs1, is known, the strain rate can be calculated
using Eq. 2 [18];

γ ̇=
VS

Δs1
ð2Þ

where Vs is the velocity in the shear plane. The corresponding strain, γ, is calcu-
lated using Eq. 3 [18];

γ =
cosα

sinϕ cos ϕ− αð Þ ð3Þ

For type 4 chips exhibiting shear bands, the strain rate is calculated using Eq. 4
[19];

γ ̇=
cos α

cos ϕ− αð Þ ⋅
U
Δy

ð4Þ

Fig. 2 aMerchant’s circle diagram of cutting forces [13] and b parallel-sided shear zone model of
chip formation [17]
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where U is the linear cutter velocity and Δy is the shear band spacing.
Shear and normal stresses of the shear plane can be calculated from the normal

force, FN, and the shear force, FS, on the shear plane and the cross sectional area of
the shear plane. To resolve forces, a 3 axis load cell is used to record the cutting
force, FC, and the thrust force, FT [19].

For type 2 chips, a high speed camera may be used to record the cutting process
so that the shear zone thickness, chip thickness and depth of cut can be optically
measured. For type 4 chips, the shear band spacing can be measured using optical
microscopy after the chip has been mounted, polished, and etched. Use of both
methods can be used to validate the equations.

Incorporation of the high speed camera and 3 axis load cell into the test setup
allows shear zone thickness, chip thickness, depth of cut, and forces to be measured
with respect to time. This data is used calculate stress versus strain plots over the
strain rate range of interest.

Experimental Apparatus and Procedure

Initial tests were conducted using a long arm pendulum impactor shown in Fig. 3.
The large radius of the long arm allowed approximation of a constant depth of cut
over the short specimen length. Figure 3b shows details of the tool, tool holder, and
load cell setup mounted on the tip of the pendulum. The long steel pendulum,
approximately 0.965 m (38”) in length, hung from the ceiling of a test chamber
with a tool holder and tool mounted at the tip to cut chips from steel specimens

Fig. 3 a Pendulum arm and b details of the tool holder and load cell mounted at arm tip
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secured in a machinist vise. The jaws of the vise are positioned perpendicular to the
pendulum’s direction of travel and the vise is secured to a large metal table within
the test chamber (Fig. 4). A 15.9 mm (5/8”) cutter made from M42 (8% Co) tool
steel with a 0° rake angle and a 10° relief angle is mounted in the tool holder on the
tip of the pendulum. The pendulum is released, swings downward, and strikes the
work piece that is held in the vise. A load cell is located just behind the tool holder
to record cutting forces. In order to achieve varying velocities, the pendulum may
be released by hand. During initial studies, a single axis load cell was used to
demonstrate the proof of concept.

Cutting forces were recorded using a Dytran 1051V6 load cell coupled with a
Dytran 4110C line powered constant current power unit/signal conditioner. The
load cell is capable of measuring forces up to 22,241 N (5000 lbf) in compression
with a sensitivity of 0.232 mV/N (1 mV/lbf). A Thorlabs PDA10A Si Fixed Gain
Detector laser trigger is placed in front of the test specimen at a height such that the
laser beam is broken only by the tip of the cutter. This allowed calculation of the
cutting velocity. Load cell data and trigger pulse are recorded on a Yokogawa
DL750 ScopeCorder at a rate of one million samples per second. The trigger pulse
is split allowing the pulse width to be recorded by the ScopeCorder and the signal to
be delayed by a Berkeley Nucleonics Model 725 Multi-Trigger Digital Delay
Generator and used to trigger the high speed camera and load cell data recording.

Digital images of the cutting process were captured with a Phantom V710 high
speed camera paired with a K2/SC long-distance microscope lens. The camera
records 1280 × 800 pixels at 7500 fps with an exposure time of 5 μs and a field of
view of approximately 10 mm. To supply light for the camera, two Megaray
MR-175 portable searchlights were used in conjunction with a series of lenses to
focus the light onto the test specimen. The searchlights were powered by a Hewlett

Fig. 4 Overall experimental setup with test specimen clamped in vise
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Packard 6286A DC Power Supply and two Optima YellowTop D34/78 batteries,
respectively.

Test specimens of dimensions 41.3 mm by 12.7 mm by 6.4 mm (1.63” by 0.50”
by 0.25”) were machined from hot rolled 1008 and 1075 steel. The specimens were
polished and etched in an attempt to capture the deformation of the grains with the
high speed camera. Each specimen was placed in the vice vertically with the
thinnest edge against the back jaw. The depth of cut is set by adjusting the height of
the tool in the tool holder and shimming the test specimen with shim stock. A water
bath is positioned behind the vise to catch and quench the chip.

Results and Discussion

The parent material was metallographically prepared to document the starting
microstructure. Standard metallographic procedures were followed to grind and
polished the material which was embedded in a phenolic mount. A fine equiaxed
grain size was observed for both materials. Phase analysis confirmed the 100%
pearlite structure of the 1075 and roughly 10% pearlite composition of the 1008
steel. The average grain size of the 1008 was 16 + 5 μm and that of the 1075 was
30 + 10 μm.

To document the microstructure after deformation, metallographic specimens
were prepared using the same metallographic procedures to mount and polish chips
of the 1075 and 1008 steel. A summary of cutting conditions is given in Table 1.
Cutter velocity varied from 4.4 to 5.5 m/s and depth of cut varied from 0.168 to
0.682 mm.

Under the initial test conditions, shear bands did not form in the 1008 but did
form in the 1075. This is consistent with the literature that indicates lack of shear

Table 1 Experimental cutting conditions

Chip ID # hdrop (m) ttrigger (s) U (m/s) t1 (mm)

17-46 0.965 0.00291 5.457 0.234
17-41 0.965 0.00304 5.229 0.221
17-48 Assisted 0.00306 5.193 0.336
17-42 0.965 0.00308 5.161 0.601
17-44 Assisted 0.00311 5.100 0.202
17-47 0.965 0.00319 4.973 0.262
17-50 0.965 0.00321 4.953 0.682
17-43 0.965 0.00328 4.847 0.209
17-49 0.686 0.00356 4.463 0.514
17-45 0.686 0.00365 4.353 0.168
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band formation in steels with less than ∼0.2% C at strain rates up to 106 s−1

[20, 21]. The 1075 chips were analyzed using Eqs. 3 and 4 with measurements on
the chip shown in Fig. 5 and strain and strain rates summarized in Table 2.
A maximum strain of 2.87 and maximum strain rate of 3.6 × 104 were achieved at
a depth of cut of 0.46 mm and cutter velocity of 5.46 m/s.

In this initial proof of concept study, forces were only obtained in the cutting
direction. To fully understand the forces to calculate the shear stress, a 3 axis load
cell is needed to resolve Merchant’s circle which was shown in Fig. 2 [10, 19, 22].
Once the forces are resolved, a force versus time plot can be made of the cutting
process.

Summary

The cutting apparatus used in this study was able to generate strain rates compa-
rable to split Hopkinson bar tests. At the conditions tested, only the 1075 formed
primary shear bands which allowed the use of Eqs. 1 and 3. Measuring the sec-
ondary shear band thickness along the cutting surface in subsequent tests will allow
the use of Eq. 2 to determine shear strain rate. By characterizing the chips formed,
metal cutting can be used to evaluate the response of material to varying strain rates
using one apparatus. Material response can be obtained ranging from continuous to

Fig. 5 Measurement
locations on 1075 chip

Table 2 Summary of data
from 1075 steel

Chip ID # U (m/s) t2 (mm) γ γ ̇ (1/s)
17-46 5.457 0.458 2.87 3.6E + 04
17-47 4.973 0.381 2.47 3.1E + 04
17-48 5.193 0.397 2.06 2.7E + 04
17-49 4.463 0.537 2.33 1.2E + 04

17-50 4.953 0.803 2.14 1.1E + 04
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discontinuous chip formation. Under the tests, shear bands were not formed in the
1008 but were in the 1075. This is consistent with the literature that indicates lack
of shear band formation in steels with less than ∼0.2% C at strain rates up to 106 s−1

[20, 21].
In this initial proof of concept study, forces were only obtained in the cutting

direction. To fully understand the forces to calculate the shear stress, a 3 axis load
cell is needed [10, 19, 22]. Improved optics, especially lighting, are required to
more accurately measure shear zone thickness and to calculate the shear and normal
stress on the shear plane. Once these improvements are made to the test fixture,
stress versus time and strain versus time plots can be combined to form the stress
versus strain response of various metals over a range of shear strain rates.
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Part XX
Environmentally Assisted Cracking:
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Environment-Induced Degradation
in Maraging Steel Grade 18Ni1700

K. Devendranath Ramkumar, G. Gopi, Ravi Prasad Valluri,
K. Sampath Kumar, Trilochana Jena and M. Nageswara Rao

Abstract A high degree of cold working is involved in forming C18Ni1700
maraging steel into products such as flow formed tubes. After the standard aging
treatment of 3.5 h at 480 °C, such heavily deformed material acquires a very high
strength level with relatively low value of ductility. Such high strength condition, it
is apprehended, is also associated with poor resistance to environment-induced
degradation. Efforts were made to modify the aging treatment of cold worked
C18Ni1700 to arrive at better strength-ductility combination, while still meeting
AMS 6520 requirements, and reduced susceptibility to environment-induced
damage. The results were found to be encouraging. In addition to normal tensile
testing, slow strain rate testing was carried out to assess the susceptibility of the
material to environment-induced degradation after different aging treatments. Dis-
tinctly lower ductility values were obtained when tested at lower strain rate,
strongly suggesting that the material is prone to hydrogen induced damage.
Potentiodynamic testing revealed that increasing the aging temperature resulted in
major reduction in corrosion rate. Increasing both aging temperature and time
resulted in formation of substantial amount of austenite, having an adverse effect on
the corrosion rate.

Keywords Maraging steel ⋅ Cold work ⋅ Flow forming ⋅ Slow strain rate
testing ⋅ Environment-induced degradation
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Introduction

18% Nickel maraging steels are distinguished by the unique combination of high
strength and excellent fracture toughness. Four different grades of maraging steel
are available, covering the yield strength range 1400–2400 MPa—18Ni1400,
18Ni1700, 18Ni1900 and 18Ni2400. All of them contain 18 weight % nickel. The
last four digits indicate the yield strength attainable in MPa after heat treatment.
A further classification is made based on whether the steels contain cobalt or not.
Accordingly one talks of cobalt containing and cobalt free 18% nickel maraging
steels. The upper case letter C is used as part of the designation for the former, and
the upper case letter T for the latter. Thus T18Nixxxx is the designation for
cobalt-free 18% nickel maraging steel, while C18Nixxxx is the designation for
cobalt containing 18% nickel maraging steel.

While the high strength attainable after heat treatment is a major attraction for
these steels, their susceptibility to environment-induced degradation has been an
issue of major concern. High strength steels are well known for their susceptibility
to environment-induced degradation and 18% nickel maraging steels with their high
strength are no exception. It has been well documented that the susceptibility of
18% nickel maraging steels to stress corrosion cracking increases with increasing
yield strength [1]. The slow strain rate testing carried out by Bradhurst and Heuer
[2] on three different grades of 18% nickel maraging steel in air and aqueous NaCl
solution showed that environment sensitive cracking increased with increasing
strength level. Investigations on C18Ni1700 have revealed that ambient air envi-
ronment, i.e., with no specific corrosive medium surrounding, can cause hydrogen
embrittlement in this steel, with yield strength of 1700 MPa [3]. Similar degrada-
tion was also reported for T18Ni1700 by Zhang et al. [4]. The authors reported
hydrogen assisted cracking in constant displacement tests conducted on samples of
this steel in laboratory air environment with a relative humidity of 30%.

Maraging steels are subjected to flow forming for production of thin walled
tubes. Cold reductions as high as 80% are involved in flow forming. When the flow
formed tubes are subjected to standard aging treatment, they attain a very high
strength level. Lee et al. [5], for example, reported yield strength (YS) of 1956 MPa
and ultimate tensile strength (UTS) of 1977 MPa on flow formed tubes of
C18Ni1700 after aging for 3 h at 480 °C. Based on the foregoing, such high
strength level is expected to be associated with a high degree of susceptibility to
environment-induced degradation. At such high strength level, the material may
exhibit high susceptibility to hydrogen assisted cracking and stress corrosion
cracking.

In order to reduce the susceptibility to environment-induced degradation, the
avenue available is to reduce the strength while still conforming to AMS 6520C, the
governing specification for heat treated components made of 18% nickel maraging
steel. According to this specification, the minimum value to be guaranteed for the
flow formed tubes made of C18Ni1700 in the aged condition are 1689 MPa YS and
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1758 MPa UTS. Thus there is indeed scope to bring down the strength by
appropriate choice of aging parameters.

Based on Floreen’s suggestion [6], the overaging treatment can be used to
reduce the strength. This can be done in two ways—(i) use a higher temperature for
aging (ii) increase the time at a given aging temperature. In the present research,
studies were carried out on C18Ni1700 material cold worked to simulate the flow
forming conditions. In addition to standard aging treatment of 3.5 h at 480 °C, two
other treatments involving enhanced aging temperature/time were adopted. Strength
reduction resulting from modified aging treatments was evaluated.

Slow strain rate testing was also carried out on samples corresponding to the
three different aging treatments. The mechanical properties obtained after standard
strain rate testing are compared with those obtained after slow strain rate testing.
There were significant differences between the two sets of results, particularly with
reference to the percentage elongation values. The results obtained are interpreted in
terms of the susceptibility manifested by the material to environment induced
degradation.

Material and Experimental Methods

The C18Ni1700 material studied in the present research was produced by double
vacuum melting, i.e., by vacuum induction melting followed by vacuum arc
remelting. The chemical composition of the alloy in weight percent was 17.88 Ni
4.88 Mo 8.06 Co 0.44 Ti 0.11 Al 0.003 C 0.01 Si 0.02 Mn 0.002 S 0.003 P and
balance Fe. The ingot was hot forged to a slab. The slab was then hot rolled to plate
with thickness of 7.5 mm. Plate was subsequently subjected to cold rolling to bring
down the thickness to 3 mm. Cold rolling was done in two parts. First part was
done to bring down the thickness to 4.5 mm. Second part was done to reduce the
thickness from 4.5 to 3 mm with rolling direction perpendicular to the direction in
the first part. The total reduction by cold rolling works out to 60%.

Three different aging treatments were given to the cold rolled 3 mm thick
material—(i) direct aging for 3.5 h at 480 °C (ii) direct aging for 3.5 h at 540 °C
and (iii) direct aging for 6 h at 540 °C. The three conditions are designated as M1,
M2 and M3 respectively.

Tensile test specimens were machined out from material corresponding to M1,
M2 and M3 conditions. The drawing of the tensile test specimen adopted in this
study is given in Fig. 1. Tests were carried out at to different cross head speeds—
5 mm/min and 0.015 mm/min, corresponding to strain rate of 0.0013 s−1 and
1 × 10−5 s−1 respectively. For the purpose of the present research, the former is
taken as normal strain rate and the latter as slow strain rate. Testing at normal strain
rate was done at Micro Labs, Chennai using Instron make universal testing
machine. Testing at slow strain rate was done at Defence Research and
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Development Laboratory, Hyderabad using a 250 kN universal testing machine. At
both strain rates, testing was done as per ASTM E8/E8 M. Testing in any given
condition was carried out on triplicate number of specimens and the test results
reported in the paper are the average values.

Hardness testing in different aged conditions was carried out using Matsuzawa
Vickers micro hardness tester. Testing was carried out in conformity with ASTM
E-384-16 using a test load of 500 g for a dwell time of 10 s. The hardness values
reported in this paper are average of 10 measurements.

Measurements of austenite content were carried out at Advanced Research
Centre International, Hyderabad using an X-Ray diffractometer. Cu-Kα radiation
with a wavelength of 2.2898 Å was used for the studies. Evaluation was carried as
per ASTM E975-13.

Corrosion behaviour in different conditions was characterized by potentiody-
namic studies using an electrochemical work station. Dimensions of the samples
used were 10 mm × 10 mm × 3 mm. Testing was carried out in a medium of
3.5% NaCl solution using Pt and Ag/AgCl electrodes. Tafel plots were generated
and corrosion rates calculated for M1, M2 and M3 conditions. In each condition,
testing was carried out on three samples.

Results and Discussion

Figure 2 gives the optical micrographs of the material in M1, M2 and M3 condi-
tions. The lath structure of Fe-Ni martensite was seen in all conditions.

Table 1 gives a compilation of microhardness, results of tensile testing at normal
and slow strain rates and austenite content for M1, M2 and M3 conditions.

The microhardness is at its highest (561 HV) when aged for 3.5 h at 480 °C.
There was a drop in hardness to 552 HV when aging temperature was increased to
540 °C. There was a further drop in hardness (from 552 to 534 HV) when aging
time at 540 °C was increased from 3.5 to 6 h. It is known that aging for 3.5 h at
480 °C results in peak hardness for C18Ni1700. Drop in hardness on increasing the

Fig. 1 Drawing of the tensile sample fabricated as per the ASTM E8/8M standard
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aging temperature from 480 to 540 °C and on increasing the aging time from 3.5 to
6 h at 540 °C is to be expected, as increasing amount of overaging sets in.

Austenite content in M1 sample is just about 1%. This is about the level at which
austenite is present in the solution treated condition. It is hence believed that aging
at 480 °C for 3 h has not resulted in any reversal of austenite. The austenite content
in M2 sample is slightly higher (2.14 ± 0.7) and it appears that increasing the aging
temperature from 480 to 540 °C, aging time remaining the same, resulted in a
small, rather insignificant extent of austenite reversion. It is important to note that
an increase in aging time from 3.5 to 6 h resulted in a large increase in austenite
level, i.e. rate of austenite reversion goes through a steep increase in the aging time
range 3.5–6 h compared to 0–3.5 h. It is documented that at a given aging tem-
perature, austenite reversion occurs initially (in the first stage) at a slow rate [7].
There is a second stage over which it occurs at a fast rate and finally there is a 3rd
stage over which the rate falls again, the austenite level approaching a final value,
the equilibrium value for that aging temperature. The 0–3.5 h aging at 540 °C
appears to fall in first stage and the 3.5–6 h in the second stage.

Similar to the behaviour of microhardness, both the YS and UTS values decrease
as one moves from M1 to M2 to M3 condition, be it normal strain rate testing or
low strain rate testing. The % elongation values also show the same trend. This is in

Fig. 2 Optical micrographs in a M1 b M2 and c M3 conditions

Table 1 Tensile test results with normal and slow strain rate for M1, M2 and M3 conditions. Also
shown are hardness and % austenite values for the three conditions

Normal strain rate
Condition YS (MPa) UTS (MPa) % elongation Hardness (HV) % Austenite

M1 1769 1852 9 561 1.04
M2 1664 1770 13 552 2.14 ± 0.7
M3 1635 1726 13 534 27.75 ± 0.3
Slow strain rate
M1 1834 1862 6 561 1.04
M2 1724 1775 8 552 2.14 ± 0.7

M3 1630 1699 10 534 27.75 ± 0.3
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line with the conclusions reached earlier. M1 condition largely corresponds to peak
aging. Increasing the aging temperature from 480 to 540 °C (M1 → M2), aging
time remaining 3.5 h, results in overaging and drop in YS and UTS. Increasing
aging time at 540 °C from 3.5 to 6 h (M2 → M3) results in further overaging and
further drop in YS and UTS. The drop in strength from M1 to M2 to M3 is
accompanied by an increase in ductility, providing further evidence that there is
increasing amount of overaging occurring.

The effect of strain rate on the properties will now be examined. For conditions
M1 and M2, the UTS value remains unaffected by the strain rate. However, the YS
value is significantly higher at lower strain rate.

For all the three conditions, there is drop in % elongation when tested at low
strain rate. Loss of ductility has often been used as a measure for the degree of
environment-induced degradation. The % loss of ductility works out to 33% for M1,
38.5% for M2 and only 23% for M3. While there is susceptibility to
environment-induced degradation in all the three conditions, the conditions M1 and
M2 appear to show higher susceptibility compared to M3. This conclusion is also
strengthened by the observation that there is an increase in YS at lower strain rate
for M1 and M2 conditions. The higher YS and lower % elongation are indicative of
a relatively brittle behaviour of the material in M1 and M2 conditions when tested
at low strain rate.

The ductility of maraging steel is lower at slow strain rate. This is found to be so
in the aged conditions (M1) as well as moderately overaged condition (M2) and
highly overaged condition (M3). This embrittlement is believed to be induced by
environment. It is believed that hydrogen embrittlement is coming into picture. In
the Introduction section, reference was made to the work reported by Venugopal
Reddy [3] wherein it was brought out that ambient air environment, with no specific
corrosive environment surrounding the material, can cause hydrogen embrittlement
of C18Ni1700. The work reported by Soeno and Tagucchi [8] also provides sup-
porting evidence. These authors studied the effect of strain rate on ductility of two
grades of maraging steel—17.5Ni–12.8Co–4Mo–1.7Ti and 13Ni–15Co–10Mo–
0.2Ti. They reported that the ductilities of these steels, when heat treated to obtain
fine and coherent precipitates, increase with increasing strain rate at room tem-
perature. The authors attributed the behaviour to hydrogen embrittlement.

Studies by Venkatanarayana et al. [9] on C18Ni1700 have shown that varying the
strain rate over the range 10−4–10−1 s−1 at room temperature had no effect on %
elongation in tensile testing. Material was in solution treated and aged condition,
ageing being for 3.5 h at 480 °C. This means that there was no environment-induced
degradation occurring in the peak aged condition even at a relatively low strain rate
of 10−4 s−1. The insensitivity to strain rate observed in their studies is at variance
with the embrittlement observed at low strain rates in the present study. The dif-
ference is arising because the metallurgical condition in the two studies is not the
same. Venkatanarayana et al. [9] studied the material in solution treated and peak
aged condition. In the present study the material is in solution treated+cold rolled
(60%) and aged condition; M1 condition roughly corresponds to peak aged
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condition. The embrittlement observed at low strain rate in the present study is thus
believed to be a result of cold work preceding aging. Strength obtained after cold
working and aging is higher; this is expected to lead to a higher susceptibility to
environment-induced degradation, going by the analysis presented in the Introduc-
tion section.

Figure 3 shows the results of potentiodynamic polarization studies in the form of
Tafel plots for M1, M2 and M3 conditions. In all the three conditions both anodic
and cathodic reactions were observed. Table 2 shows the values of corrosion
potential, corrosion current and corrosion rate derived from the plots. It is seen that
corrosion rate is highest for the M1 condition. The lowest corrosion rate was
obtained for the M2 condition. The M3 condition showed an intermediate corrosion
rate. The increase in corrosion rate on moving from M2 to M3 may have to do with
large amount of reverted austenite in M3 condition. It was reported that reverted
austenite adversely influences the resistance to stress corrosion cracking, during
both crack nucleation and propagation stages [10]. Well-developed austenite phase,
as is the case with M3 condition, may promote galvanic corrosion, thereby
increasing the corrosion rate.

Conclusions

1. Efforts were made to optimize the aging treatment of cold rolled maraging steel
plate to obtain improved strength ductility combination and better resistance to
environment-induced degradation.

2. M2 condition comes close to meeting the AMS 6520 requirement. The strength
values in M3 condition do not meet this requirement.

Fig. 3 Tafel plots for a M1 b M2 and c M3 conditions

Table 2 Corrosion potential, corrosion current and corrosion rate for M1, M2 and M3 conditions

Sample
condition

Corrosion potential
(E)

Corrosion current
(A) (10−6)

Corrosion rate (mils/
year)

M1 −0.29 6.57 9.53
M2 −0.30 3.01 4.15
M3 −0.31 6.90 5.60
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3. Slow strain rate testing leads to distinct reduction in % elongation values. It is
believed that hydrogen embrittlement is responsible for the reduction.

4. Cold working prior to aging results in higher strength after aging and makes
C18Ni1700 susceptible to hydrogen induced cracking.

5. There is a drastic reduction in corrosion rate on moving from M1 to M2 con-
dition. Somewhat high corrosion rate in M3 condition may have to do with high
amount of austenite present in the microstructure.
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Part XXI
Fatigue in Materials: Fundamentals,
Multiscale Modeling and Prevention



Thermal Fatigue Behavior of High Cr Roller
Steel

G. Kugler, D. Bombač and M. Terčelj

Abstract In this work thermal fatigue resistance of 1.7C, 11.2Cr, 2.0Ni, 1.2Mo

steel for hot working rolls was studied using our newly developed test rig with spe-

cially prepared test samples. Tests were carried out in temperature range between

500–700
◦
C whereas relevant characteristics related to cracks after 200, 500, 1000,

and 2500 cycles were obtained. Average length of all cracks, their density, average

length of five longest cracks, and relevant microstructural characteristics of tested

specimens were determined. It was found that initiation of cracks is strongly related

to the cracking and spalling of carbides at specimens surface layer and that cracks

growth is related to the characteristics of carbides. For comparison also results for

Indefinite Chilled Double Poured roll cast iron are given. Based on obtained results,

possible improvements of thermal fatigue resistance of these two materials are

discussed.

Keywords Thermal fatigue ⋅ Roller steel ⋅ Cementite ⋅ Graphite ⋅ Cracks

Introduction

The surface of hot working rollers is exposed to thermal cycling. During contact

with rolled material, roller goes through heating cycle while subsequent water cool-

ing causes cooling cycle. This is then repeated at every turn of work roller, where

maximum operating temperatures during hot rolling conditions on the roller bulk

surface are in the temperature range 500–700
◦
C. During cooling stage minimal
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temperature reached is between 100–200
◦
C. The cyclic temperature difference lead

to the occurrence of crack networks on the surface layer and the spalling of surface

layer material. During hot rolling, thermal stresses experienced by the roller material

are comparable or larger than mechanical stresses [1–7].

Main focus of hot working rollers research is study of the influence of used steel,

heat treatment, surface improvements [8–10] and crack nucleation and propagation

[7, 8]. Thermal fatigue prediction in laboratory is difficult as majority of the tests

only achieve similar maximum temperature and they do not reproduce realistic stress

states in the material surface layer. Since only a handful of studies exist on the ther-

mal fatigue behavior of roller materials in a wider temperature range comparable to

hot rolling, the description of surface degradation mechanisms are not sufficiently

understood, although it is accepted that influence of temperature on the mechanisms

is significant. In order to fulfill permanent demands of constantly increasing service

time of hot working rollers, additional knowledge related to thermal fatigue crack-

ing and degradation mechanisms of cooled roller surface in an extended temperature

range is required.

In this study, the thermal fatigue of high Cr steel for hot working rollers at three

temperatures (500, 600 and 700
◦
C) and surface layer degradation mechanisms were

investigated using test rig described in detail in reference [7] after 200, 500, 1000

and 2500 thermal cycles. Thermal fatigue resistance was evaluate quantitatively with

the average length of all cracks, their density and average length of the seven longest

cracks. Microscopy was used to present micrographs explaining crack nucleation

and propagation and other surface degradation mechanisms.

Experimental and Modelling

Chemical compositions of the roller steel used in this study is given in Table 1. The

material has along a high carbon content also significant amount of other carbide

forming elements (Cr, Mo and V). Due to high content of Cr and Mo, transition

metal carbides are expected in the microstructure. The initial Vickers hardness was

measured as the average of five indentations conducted using a 10 kg load, resulting

in hardness of 601 ± 10 HV10. Optical micrographs of the initial microstructure

is shown in Fig. 1a with its details depicted in Fig. 1b. The microstructure consists

of tempered martensite with primary, eutectic and secondary transition metal car-

bides with small amounts of MnS inclusions. Eutectic carbides shown in Fig. 1a are

Table 1 Chemical composition of used steel in wt%

C

Si Mn Cr Mo V Co Ni S P B N

1.65 0.654 0.732 11,279 1.169 0.253 0.017 1.940 0.009 0.017 0.011 0.046
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Fig. 1 Microstructure of initial material; a eutectic and primary carbide cell structure in the matrix

and b detail of eutectic carbides

lenticular and spheroidal, while primary carbides are usually on grain boundaries and

are ticker and longer compared to eutectic carbides. An average length of lamella of

the primary carbide is approximately 50 m with thickness up to 10 µm. An average

length of secondary carbides lamella is up to 30 µm with thickness approximately 3

µm. Phase identification from microscopy in combination with a conventional X-ray

diffraction (XRD) measurements on a polished sample using a Bruker D8 Advance

X-ray diffractometer with position sensitive detector (LynxEye EX) and Cu-K𝛼 radi-

ation (𝜆 = 1.5406 Å) revealed tempered martensite matrix with M7C3 carbides,

along smaller amount of M2C carbides. A continuous scanning mode was chosen

for XRD with a rate of 0.01
◦

s
−1

over an angular width of 2𝜃 = 30–120
◦

and a Ni

filter was used to obtain a nearly monochromatic X-ray beam. After thermal fatigue

testing, the working lengths of each sample were first cut through the middle in an

axial direction and one half also in a radial direction for microscopy. Characteriza-

tion of cracking was focused within the working length of the sample and quantita-

tively evaluated by (i) average length of all cracks, (ii) density of cracks, (iii) average

length of the seven longest cracks. For the observation of surfaces and microstruc-

ture, optical microscope (OM, Carl Zeiss AXIO Imager.A1m) and scanning electron

microscope (JEOL 5610) were used.

In order to roughly estimate stress conditions within the thermal fatigue speci-

mens, temperatures at the outer surface and inside of the specimen, i.e. 2, 1.1, 0.6, and

0.3 mm from the inner surface, were measured by carefully welding thermocouples

within the specimens. These temperatures have been then used in combination with

numerical solution of the heat equation to estimate the temperature profile evolution

during thermal cycling. Obtained temperature distributions were used for calcula-

tion of thermal stresses by simplifying our problem assuming plane stain conditions

and elastic deformations. The following equilibrium equation was considered

d𝜎rr
r

+
𝜎rr − 𝜎

𝜑𝜑

r
= 0 , (1)
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employing zero stress boundary conditions at inside and outside surfaces of the spec-

imen, i.e. 𝜎rr = 0 at r = a and r = b, respectively. The solution reads as [11]

𝜎rr =
E𝛼

(1 − 𝜈)r2

(
r2 − a2

b2 − a2 ∫
b

a
Trdr − ∫

r

a
Trdr

)
(2)

𝜎
𝜑𝜑

= E𝛼
(1 − 𝜈)r2

(
r2 + a2

b2 − a2 ∫
b

a
Trdr + ∫

r

a
Trdr − r2T

)
(3)

𝜎zz =
E𝛼

(1 − 𝜈)

(
2𝜈

b2 − a2 ∫
b

a
Trdr − T

)
, (4)

where 𝜈 is the Poisson number, 𝛼 linear expansion coefficient, and E is Young’s

modulus. Stresses given by these equations (2)–(4) were calculated by solving inte-

grals numerically using Simpson’s rule.

Results and Discussion

Figure 2a shows the results of the numerical calculation of temperature profile evo-

lution during one thermal fatigue cycle, i.e. temperature as a function of time at four

different radial positions between inner and outer surface of the specimen. The plot

of thermally induced radial component of stress as a function of time is shown in

Fig. 2b. As can be seen these stresses are the largest during cooling of specimen

and they are decreasing with the distance from the inner surface. The same is also

true for tangential stresses that are shown in Fig. 2c. Note that they are also given

values at both surfaces. As expected they are maximal at the inner surface and min-

imal at the outer one, and their values are much larger than radial components of

stress. Figure 2d shows tangential and radial component of stress along the radius

of the specimen at three different times during cooling time interval, where they

are the largest. As can be seen, during cooling tensile tangential stresses develop

near the inner surface that provoke crack initiation. Tangential stress are decreasing

with the distance from the inner surface and are compressive near the outer surface.

Crack Nucleation and Propagation

Cracks initiate and propagate along lenticular carbides as shown in Fig. 3. Crack

nucleation is a consequence of tensile stresses on the surface layer due to temper-

ature gradient between the cooled surface and the material inside the sample and

differences in thermal expansion coefficients and mechanical properties between

the matrix and carbides, where carbides are more brittle in comparison to the sur-

rounding matrix and have lower thermal expansion coefficient. During heating and
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Fig. 2 Results of numerical calculations: a temperature, b radial stresses, and c hoop stresses at

various distances from inner surface as a function of time during one cycle. d radial and hoop

stresses as a function of radial distance from the center during fast cooling at 2.2, 2.5, and 3.0 s

cooling, carbides cannot follow dilatations of the matrix and as a consequence cracks

nucleate. Crack propagation depends on the orientation of carbides. As can be seen

in Fig. 3, when carbide is oriented perpendicular to the surface, cracks are longer

and follow carbide distribution around grain boundaries. However, if initial orienta-

tion of the carbide is angular based on the surface, cracks will form enclosed area

and cause potential spots for chipping. This can be seen in Fig. 4, where nucleation

of angular crack is shown in Fig. 4a and area fully enclosed with cracks in Fig. 4b.

Furthermore, from Figs. 3 and 4 follows that crack propagation through the matrix

is difficult and preferred crack pathways are carbides. Based on the carbide orienta-

tion, shape, position and distribution, several distinctive surface degradation mech-

anisms were additionally observed. Chipping either occurs after area between car-

bides and surface is enclosed with cracks as shown in Fig. 4b. Sometimes, carbide

lamellae are in a parallel orientation with the surface as shown in Fig. 5a. In the case

described, chipping of outer surface layer occurs due to the cracks nucleating paral-

lel with the surface in proximity of the surface. Surface can also degrade at carbides

present at the surface when their thickness is large (exceeding 10 µm) as presented

in Fig. 5b. Due to difference in mechanical properties and thermal expansion coeffi-

cients between the matrix and carbides cracks nucleate at several different position,



536 G. Kugler et al.

Fig. 3 Cracking along lenticular carbides; a at 500
◦
C and 500 thermal cycles; b at 700

◦
C and

1000 thermal cycles

Fig. 4 Angular cracking along carbides; a angular crack at 500
◦
C and 500 thermal cycles; b area

enclosed by cracks at 700
◦
C and 1000 thermal cycles

causing breaking of carbide with loss of structural load bearing properties. Similar

was also observed for internal cracks, which nucleated at the thicker carbide, and

then branch and propagate along thin carbide in vicinity, as shown in Fig. 5c. Inter-

esting observation is depicted in Fig. 5d, where crack propagation was impeded with

crack branching along eutectic carbides. Role of eutectic carbides is very important

as it impedes crack propagation. However, to be effective it needs to be in vicinity

of the surface as can be seen in Fig. 5d and also more globular. If eutectic carbide is

lamellar and at the surface it will cause chipping as can be seen in Fig. 5a.
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Fig. 5 Crack nucleation and propagation a chipping due to cracks in parallel carbides at 700
◦
C

and 500 thermal cycles; b crack nucleation in carbide at the surface at 500
◦
C and 1000 thermal

cycles; c internal crack nucleated at thick carbide at 600
◦
C and 500 thermal cycles; and d crack

branching at eutectic carbide lamellae at 500
◦
C and 200 thermal cycles

Quantitative Estimation of Crack Propagation

Cracks were quantitatively described through the data analysis of the obtained crack

lengths which allowed the determination of the average length of all observed cracks,

crack density and the determination of the seven longest cracks observed at each test

temperature and number of thermal cycles. The average length of all cracks is shown

in Fig. 6a where it can be seen that average lengths increase with temperature and

number of cycles. Similar observation can be made also for crack density depicted

in Fig. 6b. However, closer inspection of crack density revealed that crack density

is not increasing linearly with the number of cycles. In Fig. 6c lengths of the seven

longest cracks are depicted in relation to the number of thermal cycles and maximum

test temperatures. The average length of the seven longest cracks increases with the

tested maximum temperature and number of thermal cycles.
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Fig. 6 Influence of maximum test temperature and number of cycles on; a average crack length;

b crack density and c lengths of the seven longest cracks

Conclusions

The following conclusions can be reached from present work.

∙ Numerical calculations reveal that inner surface is subjected to tensile stresses

concentrations during cooling part of thermal fatigue cycle since inner surface

area cools faster than periphery. These conditions results in crack nucleation and

their subsequent growth.

∙ Degradation of the surface layer progresses through crack nucleation and prop-

agation of surface and internal cracks, their linking and, material spalling and

chipping.

∙ Cracks predominately propagate through primary and eutectic carbides.

∙ Thick primary carbides are severely cracked, however crack propagation then pro-

ceeds through thin eutectic carbides.

∙ Globular eutectic carbide close to the surface layer serve as unlinked particles in

the matrix which impede crack propagation.

∙ Average length, density and length of the seven longest cracks increase with max-

imum test temperature and number of cycles.
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Influence of Cold Spray
on the Enhancement of Corrosion
Fatigue of the AZ31B Cast Mg Alloy

S. K. Shaha, S. B. Dayani and H. Jahed

Abstract High strength Al 7075 powder was successfully deposited on the AZ31B
as-cast dog bone samples. The electro chemical corrosion behavior of AZ31B
samples in coated and uncoated condition was examine in 3.5% NaCl aqueous
solution at the room temperature. At the same time, the rotating bending fatigue
behavior was studied in the similar environmental condition. It is seen that the as
deposited cold sprayed alloy obtained lower corrosion resistance compared to the
bulk Al 7075 alloy available in the literature, while a significant corrosion resis-
tance was increased in AZ31B alloy with Al 7075 coat. At the same time, the
coated sample achieved longer fatigue life compared to the uncoated sample in
corrosive environment. The fatigue fracture surface analysis shows that pitting
holes were formed at the surface and penetrated up to the coating/substrate interface
that basically nucleates the fatigue crack leading to the fatigue fracture.

Keywords Cold spray coating ⋅ Magnesium alloy ⋅ Al7075 alloy powder
Corrosion fatigue

Introduction

Magnesium (Mg) alloys are the lightest engineering material, and are attractive to
automotive, aerospace and electronics industries for weight reduction purpose [1].
Because of their chemical reactivity, susceptible to react with oxides, chlorides, and
sulfides along with the poor wear, oxidation resistance, low corrosion resistance
limits its extensive applications. Many researchers have been reported that the
corrosion properties of Mg alloys can be improved by forming protective coatings
in cold spray (CS) method [2–8] by utilizing different coating materials, which
exhibits better corrosion resistance in particular corrosion fatigue resistance.
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Powders of Aluminium (Al) and its alloys have established as an excellent coating
materials which can be deposited effectively on the Mg substrates in CS process [9].
When Al is exposed to air a thin aluminum oxide layer is formed that protect the
penetration of oxygen and further oxidation. A significant amount of work has been
performed on the CS coatings of Al and its alloys on Mg alloy substrate [2–8]. Tao
et al. [10, 11] reported that corrosion is a main cause of weakening the fatigue
behavior of AZ91D Mg alloy. They reported that the corrosion properties of the
AZ91D can be significantly improved by depositing pure-Al in CS process [10, 11].
Diab et al. [2] investigated the corrosion and corrosion fatigue behavior of pure-Al
coatings on extruded AZ31B Mg alloy. A marginal enhancement in fatigue prop-
erties at air due to the CS of pure Al, while the corrosion fatigue properties
improved significantly. In another study, researchers demonstrated that the pure Al
deposited on extruded AZ31B alloy improved its fatigue strength in air by 9% [12].
They concluded that only a small change in the fatigue life of the substrate was
achieved because of the low strength of the coating material (pure-Al). Our recent
study [13] shows that the fatigue life of the AZ31B cast Mg alloy in laboratory
environment increased ∼25% by depositing Al7075 powder. At the same time the
bonding strength improved significantly. Here, coating material plays an important
role in enhancing the fatigue life as Al7075 alloy having high-strength would be a
good candidate coating material to improve the corrosion fatigue life of as-cast
AZ31B. However, most of the studies focused on the corrosion behavior of CS
coatings of pure-Al, and Al/Al2O3 or Al//Mg17Al12 composites on Mg alloy sub-
strate. A little attention has been paid on the corrosion and corrosion fatigue
behavior of the CS Al7075 alloy deposited on the Mg alloy substrate. Therefore, in
the present study, the electro chemical corrosion and corrosion fatigue properties of
the CS Al7075 alloy on the as-cast AZ31B substrate were investigated in uncoated
and coated conditions in 3.5% NaCl solution. Finally, the fracture surfaces in
selected condition were examined using scanning electron microscope (SEM), to
discuss the fracture mechanisms.

Experimental Details

For this study, as-cast AZ31B Mg alloy was used as a substrate. An Al based
wrought alloy Al7075 having higher strength and longer fatigue life than the
AZ31B was considered as the coating materials. The CS coating was processed at
the Fatigue and Stress Analysis laboratory of the University of Waterloo, Waterloo,
Canada, using the Supersonic Spray Technologies (SST) Series P CS system
manufactured by Centerline Ltd. First, dog bone shape fatigue samples were
extracted from a 300-mm diameter billet of as-cast AZ31B following ASTM: E8/
E8 M-11. Then, the sample surfaces were polished up to 600 grid SiC emery paper
and rinse with acetone. Details about the coating parameters can be seen in [13].
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Microstructural analysis was performed using a SEM (model: FEI Quanta FEG 250
ESEM) equipped with an Oxford EDX.

The electrochemical corrosion behavior of the uncoated and CS Al7075 on
as-cast AZ31B samples were conducted in a 3.5 wt% NaCl aqueous solution. The
samples were considered as a working electrode while Ag/AgCl in saturated KCl
electrode and a platinum plate were set as reference and counter electrode,
respectively. The potentials were measured with respect to the Ag/AgCl reference
electrode. After that the Tafel fit of the potentiodynamic curve was plotted to
calculate the corrosion rate.

The stress controlled fatigue tests were performed using an Instron RR Moore
four-point rotating-bending fatigue testing machine in fully reversed (R = −1)
condition. The tests were conducted at different stress amplitudes between 40 to
145 MPa in both low and high cycle regime. A customized chamber was installed
to the fatigue machine to perform the corrosion fatigue test. The chamber allowed a
continuous flow of 3.5% NaCl solution onto the specimen gauge section at a
constant rate of 40 ml/min during the fatigue testing. For all fatigue teste, a constant
frequency of 30 Hz was maintained, and tests were stopped when samples break a
parts or reached at 10 million cycles considered as run out/infinite fatigue life. At
least two samples were tested for each conditions. The fatigue fracture surfaces
were then characterized using SEM.

Results and Discussion

Microstructure

The SEM micrographs with an EDX line scan of the polished cross-section of the
coated samples in as-coated material in the surface grinding conditions are illus-
trated in Fig. 1. As seen in Fig. 1a, the as-coated sample shows almost defects free
coatings processed with nitrogen gas environment. The acquired coating thickness
in the as-deposition condition was 282 ± 26.11 µm, while the thickness was 122 ±
3.85 µm after grinding of the outer surface for fatigue tests. The EDX line scan
(Fig. 1a) near the interface indicates that there was no drastic change in the base
alloying elements (Mg/Al). Instead, a gradual change of Mg/Al shows that the
interface contains a very thin layer of a Mg and Al mixture. Wang et al. [8] reported
that the microstructure of pure Al coatings on the AZ91D Mg alloy using HRTEM.
They identified a ∼20-nm thick amorphous interlayer zone containing base ele-
ments of coating (Al) and substrate (Mg) with a metallurgical bond. It is also
noticed that a The magnified SEM image of the interface presented in Fig. 6d
shows that the casting defects, such as inclusions and porosities of the AZ31B, were
covered by the CS coatings; the coverage of these defects can improve the
mechanical properties of the AZ31B [14].
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Corrosion Properties

Before starting the potentiodynamic polarisation test, all the samples, uncoated and
Al7075 coated AZ31B were immersed in the salt solution for 30 min to achieve the
stable state of open circuit potential (OCP). Figure 2 depicts the potentiodynamic
polarization curves of the uncoated and coated samples tested in 3.5% NaCl
solution. Both curves reveal the same trends. To investigate more closely, the
influence of the coatings on the corrosion kinetics of the AZ31B Mg alloy samples,
the polarization curves were characterized following the curve-fitting method [15].
The relationship between the measured current density icorr and electrode potential
Ecorr during the potentiodynamic polarisation follows the Butler-Volmer equation
as describe in [16]. The evaluated parameters of the electrochemical corrosion test
are listed in Table 1.

It is seen that the CS Al7075 shows better corrosion resistance compared to
AZ31B Mg alloy. The uncoated AZ31B, i.e. substrate achieved higher value of
7.07 µA/cm2 for icorr, and lower value of 48 mV/decade, 107 mV/decade and
−1.52 V for ba, bc and Ecorr, respectively. In contrast, the CS sample reached half of
the substrate current density. It is also noticed that the corrosion rate of the uncoated
AZ31B was 1.35 × 10−2 mm/year which is two times higher than the CS samples.
The change in corrosion rate of CS sample can be attributed by the presence of Mg
in the coating material. The presence of Al in coatings form passive layer which
basically improve the corrosion resistance of the cold spray sample. However, it is

10 μm100 μm

Substrate
Al7075 coating

MgAl

Al7075 coating

Substrate

Inclusions covered by coating

(a) (b)

Fig. 1 Cross-sectioned and polished AZ31B magnesium alloy coated with Al7075 alloy EDX
line scan in a grounded surface for fatigue tests, and b a magnified view of the enclosed area to
show the casting defects covered by coating
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clearly noticed that a localized corrosion occurs which is confirmed on the polar-
ization curve with the breakdown of the potential (enclosed by yellow dotted line),
that may affect the fatigue performance at corrosive environment. The surface
morphology of the dog-bone fatigue tested samples before and after corrosion test
are shown in Fig. 3. It is evident that the surface of the uncoated sample shows less
pits than the CS sample which indicates that the Mg ion goes into the solution and
dissolve almost uniformly during corrosion test. In contrast, the CS sample shows
localized pits which will be the pathway to penetrate the solution and react with the
virgin materials leading to further corrosion. The corrosion resistance of the
materials depends on the stability of the passive layer. In CS sample passive layer
was not that much stable which can survive for a long time due to the presence of
alloying elements specially Mg. Therefore, pits were formed at the CS sample
surface.

Fig. 2 Typical polarization curves to show the electro chemical corrosion behavior of uncoated
AZ31B Mg alloy and coated with Al7075 alloy

Table 1 Tafel fitting results for uncoated and coated with Al7075 of AZ31B alloy specimens

Specimens Ecorr

(V)
icorr (μA/
cm2)

ba (mV/
decade)

bc (mV/
decade)

Corrosion rate (mm/
year)

AZ31B −1.52 7.07 48 107 1.35 × 10−2

CS −1.37 6.29 159 134 0.86 × 10−2
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Corrosion Fatigue Behavior

The S-N curves of the uncoated and coated samples tested in air and 3.5% NaCl
solution at different stress amplitudes are presented in Fig. 4. Generally, the fatigue
life at the corrosive environment is always lower than the fatigue life at the air. It is
clearly seen that the sample coated with Al7075 alloy tested in air obtained superior
fatigue life compared to the other conditions. Compared to the substrate, the Al7075
coat on AZ31B sample achieved about 26% higher fatigue strength at 107 cycles.
The obtained fatigue strength of CS sample is 92 ± 2.7 MPa, while the fatigue
strength of the substrate is 73.4 ± 5.9 MPa. In contrast, the CS sample tested in
corrosive environment showed lower fatigue performance in the corrosive envi-
ronment; even lower than the uncoated sample tested in air. However, it should be
worthy to note that the fatigue fracture occurred all stress amplitudes, even at lower
stress amplitude of 40 MPa which is half of the compressive yield strength
(∼90 MPa) and 16% of ultimate strength.

However, the enhancement of fatigue performance in air can be considered as
the development of compressive residual stresses in the coating induced during CS
process. The high impact velocity and processing carrier gas temperature of CS
particles on the AZ31B substrate imposed plastic deformation causing adiabatic
share instability on the surface in the vicinity of impacted particle [4, 17]. Spencer
et al. [18] During CS, the carrier gas and substrate temperature was 400 °C and
25 °C, respectively. The difference of temperature induced a compressive stress.
However, the presence of residual stress in the CS coating, results stress corrosion
cracking. As the corrosion resistance of the CS sample is higher than the uncoated

CoatedUncoated CoatedUncoated

1 cm1 cm

(a) (b)

Fig. 3 Image of dog bone samples a before and b after electrochemical corrosion test samples
show the surface morphology
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samples, the CS sample shows longer fatigue life compared to the uncoated
samples.

Figure 5 depicts the fracture surfaces of the corrosion fatigue tested CS sample
after the 3.7 million cycles. It is noticed that the surfaces of the CS sample exhibits
deep pits surrounded of the fracture similar to the corrosion tested sample in
Fig. 3b. As discussed earlier, the presence of Mg, surface porosity and residual
stress are affecting the protective layer results pits are formed. The induced residual
stress during coating appeared to be a negative effects on the fatigue life of the CS
sample, as the CS sample achieved a shorter fatigue life as compared with the
sample tested in air.

Figure 6 displayed the fatigue fracture surfaces of CS samples tested in air and
3.5% NaCl solution at the stress amplitude of 100 MPa. It is seen that there was no
interfacial delamination in the fracture surface of the CS sample tested in air.

Fig. 4 S-N curves show a
comparison of fatigue life
between the uncoated and
coated AZ31B cast alloy
tested in 3.5 wt% NaCl
aqueous solution. Note:
CS-cold spray, Sol-3.5%
NaCl solution

Pitting holes

1 cm

Fig. 5 Picture of corrosion
fatigue fracture surface shows
pitting holes
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In contrast, the sample tested in NaCl solution shows an interfacial delamination.
In CS sample tested in NaCl corrosive environment, the solution penetrated through
the deep pits and come in contact to the substrate. As a results a vigorous chemical
reaction occurred between the solution and Mg, which delaminated the coatings
from the substrate results shorter fatigue life in corrosive environment [19, 20].

Conclusion

The corrosion fatigue properties of a low-pressure CS Al7075 on as-cast AZ31B at
were studied in air and 3.5% NaCl solution at room temperature. Based on the
results of the study and the above discussion, the following conclusions can be
drawn:

• A dense, low-porosity coating of Al7075 was formed successfully on the cast
AZ31B Mg alloy.

• The electro chemical corrosion analysis shows that the CS of Al7075 alloy
slightly improved the corrosion resistance of as-cast AZ31B. This can be
attribute due to the presence of compressive residual stress induced by the CS
coating.

• A significant improvement in fatigue strength of the coated samples in was
detected; this is due to the compressive residual stress imposed by the CS
coating, as well as the higher strength of the Al7075 coating material compared
to the AZ31B substrate.

Pitting holes

Delamination 
of coating 

No delamination

150 μm150 μm

(a) (b)

Fig. 6 A comparison of SEM images shows the fatigue fracture surface of the coated samples
during fatigue testing at different environmental conditions, a in air and b in 3.5% NaCl solution.
Note: pits were formed at the surface which continued to the interfaces results delamination of
coatings
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• Compared to the AZ31B substrate, a remarkable improvement in corrosion
fatigue properties of the CS Al 7075 coated samples was observed. This is the
result of the presence of passive oxide layer on the surface, which improved the
corrosion resistance. However, due to the formation of pits, the CS coating
create early, which acted as a pathway for NaCl to penetrate into the interface,
creating localized pits results an interfacial delamination which causes the
premature cracking on AZ31B substrate and hence lower fatigue life of the CS
sample in corrosive environment.
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High Temperature Cracking Damage
of Calcium Aluminate Cements

John F. Zapata, Maryory Gomez and Henry A. Colorado

Abstract Different formulations of calcium aluminate cements (CAC) with 51 and
71 wt% Al2O3, have been exposed to high temperature oxidation environments.
Cement paste samples of 0.25, 0.30, and 0.40 water to cement (W/C) ratios were
fabricated in this research. Both the raw cement powders and their corresponding
samples after hydration were characterized in their microstructure by scanning
electron microscopy, X-ray diffraction, Fourier-transform infrared spectroscopy and
x-ray fluorescence. Samples were exposed to 500, 800 and 1000 °C in a furnace
open to air. Damage occurred while samples were in the furnaces. Damage was
analyzed by digital image processing.

Keywords Calcium aluminate cement ⋅ Mechanical behavior
Cracking damage ⋅ Gibbsite ⋅ Cement pastes

Introduction

Calcium aluminate cement (CAC) is a hydraulic cementitious material with uses in
high performance applications such as those involving resistance to chemical
attack, high early strength, refractory, and resistance to abrasion [1, 2]. Thermal
properties of CAC are particularly interesting due to high rate CAC are slow setting
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cements, with a fast hardening. These two characteristics were popular for the
fabrication of pre-fabricated parts, although later these materials showed damages
which reduced durability in Spain for two main causes [2, 3]: first, for a conversion
reaction that produced water and porosity due to the transformation of CAH10 in
C3AH6. Second, for the significant carbonation. There is a lack in research in the
fracture and damage problems, as well as in the damage induced by temperature.

The main anhydrous phases in CAC are monocalcium aluminate (CA) and
monocalcium dialuminate (CA2), which in most cases are crystalline phases. The
hydration of CA is mainly responsible for early strength development, whereas the
hydration of CA2 contributes after the main reaction of CAC hydration has already
exceeded [4, 5].

The hydration of CAC is highly temperature dependent as summarized in Eq. 1,
[1–4, 6], producing CAH10 as main product at temperatures less than 20 °C, C2AH8

and AH3 at about 30 °C, and C3AH6 and AH3 at temperatures greater than 55 °C.
CAH10 and C2AH8 [7] are known to be metastable at ambient temperature and to
convert to the phase more stable C3AH6 and AH3 [7] with consequent material
porosity and permeability increase, and the corresponding loss of strength.

CA+10H <20◦C
����!

CAH10

2CA+11H ∼ 30◦C
����!

C2AH8 +AH3

3CA+12H >55◦C
����!

C3AH6 + 2AH3

9

>

=

>

;

ð1Þ

According to the phase equilibrium, CAH10 and C2AH8 are metastable phases
which will convert to the stable phase C3AH6 over time [8]. The conversion is
accompanied with the release of free water which results in a decrease in strength
caused by an increase in the porosity. Depending on conditions, the conversion
process can last up to several years. This process is summarized in Eq. 2, [8].

C2AH8 →C3AH6 + 2AH3 + 18H ð2Þ

Setting and hardening of CAC are primarily due to the hydration of process and
phases, which in cement notation are: C = CaO, A = Al2O3, F = Fe2O3, P =
CaTiO3, H = H2O, CA = CaAl2O4, CA2 = CaAl4O7; CAH10 = CaAl2O14H20;
C2AH8 = Ca2Al2O13H16; AH3 = (Al2O3)3(H2O); C3AH6 = Ca3Al2 (OH)12.

In this work, digital image processing was used to quantify the damage by taking
into the account factors such as temperature (500, 800 and 1000 °C), the alumina
content (51 and 71 wt% alumina content), and the water to cement ratio, (w/c = 0.25,
0.3 and 0.4). This paper contributes in research regarding the damage induced at
high temperature, with factors such as the alumina contents, and the water to cement
ratio.
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Experimental

Different characterization was used in order to quantify the microstructure of CAC
by using scanning electron microscopy (SEM), Fourier-transform infrared spec-
troscopy (FTIR), fluorescence of X-ray (XRF) and powder X-ray diffraction
(XRD).

Two types of powder calcium aluminate cement were investigated. The com-
position of these powders were obtained in a XRF Thermo spectrometer Model:
OPTIM’X. Details of all chemical components are presented in Table 1.

Cement paste samples fabricated with the two types of CAC powder and three
water-cement ratio w/c (0.25, 0.3, and 0.4) are summarized in Table 2. Pastes were
mixed mechanically while kept at 20 °C. In order to avoid carbonation processes
and interaction with environment, cement paste was poured in closed containers to
air, and later removed from molds after 28 days of curing.

Sample dimensions were 19 mm diameter and 22 mm height. XRD characteri-
zation was done in a X’Pert PRO diffractometer with Cu K_ radiation of 1.5406 A°,
Scanning was performed between 2θ of 5 to 70°, step size 0.02°. A JEOL JSM–6490
Scanning electron microscopy (SEM-EDS) was used to observe the microstructure
of microstructure for powders and cured cement samples. The samples were heated
at 500, 800 and 1000 °C, subjected for one hour, to a heating rate 13.8 °C/min.

Fourier Transform Infrared Spectroscopy (FTIR) measurements were conducted
in a Shimadzu IR Tracer-100. Scanning range (cm−1): 400–4100. The test was
performed in an ATR FT-IR apparatus.

Table 1 Chemical composition of raw calcium aluminate cement powders

Samples Chemical composition (wt%)

Cement type I and
II

Al2O3 CaO SiO2 TiO2 Fe2O3 K2O P2O5 ZrO2 MoO3

I. CAC 51% 52.12 37.82 5.25 1.87 1.81 0.128 0.108 0.086 0.052
II. CAC 71% 71.09 28.38 0.238 – – – – – –

Table 2 Formulations fabricated for cement paste samples

Samples Cement type Temperature (°C) Curing time (days) Water/cement (w/c)

1 I, II 20 28 0.25, 0.3, 0.4
2 I, II 500 28 0.25, 0.3, 0.4
3 I, II 800 28 0.25, 0.3, 0.4
4 I, II 1000 28 0.25, 0.3, 0.4
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Results and Analysis

The FTIR and XRD tests showed that the main hydrated phases are CAH10

(Monocalcium aluminate decahydrate), C3AH6 (Katoite), C2AH8 (Dicalcium alu-
minate octahydrate) and AH3 (Gibbsite). These and other results of the character-
ization of the raw materials used and the hydrated phases were published in [9].

Figures 1, 2, 3 and 4 shows photographs of calcium aluminate cement samples,
subjected to room temperatures: 500, 800 and 1000 °C. Cracks appear for all water
cement relationships and higher temperature is greater damage. Another result that
can be observed is that the higher the content of lumina, the lower damage is found
on samples. For the same temperature but at higher water to cement ratio, more
damages is found. This is associated to the higher porosity generated for the higher
w/c. Also, a loss of strength can be found due to the phase conversion process
driven for the high temperatures exposure, which cal also favor the formation of
other more stable phases [4].

CAC pastes with 51 and 71 wt% alumina content and W/C = 0.4 and 0.5, were
exposed to 20 °C and were analyzed by SEM and are represented in Fig. 5.

It can be observed in Fig. 5 the regular hexagonal and cubic geometries of the
hydrated phases, which mainly correspond to CAH10 (Monocalcium aluminate
decahydrate), C3AH6 (Katoite), and some AH3 (Gibbsite) [9].

Fig. 1 Images of CAC pastes exposed at room temperature 20 °C
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CAC pastes with 51 and 71 wt% alumina content and W/C = 0.25, 0.3 and 0.4,
were exposed to 1000 °C for an hour and were analyzed by SEM and are repre-
sented in Fig. 6.

Figure 6 shows that at 1000 °C both cements of 51 and 71 wt% alumina content
lose their symmetrical shape and most liked its crystallinity. This is because
crystalline structures absorb energy or break the bonds generating anhydrous phases
or polymorphisms, changing their geometric form to the new amorphous phases
shapes [10].

Quantification of Damage to High Temperature and Fracture
Analysis for Factors: Alumina Content; Water-Cement
Relation (W/C), and Temperature

The quantification of the damage was conducted by digital image analysis of
fractured samples according to the alumina content, temperature, and w/c. The
cracks length was measured using Image J and data was grouped in just one
number, the total crack’s length.

Fig. 2 Images of CAC pastes exposed at high temperature 500 °C
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Fracture Analysis for Factor: Alumina Content

Figure 7 shows curves of total crack length for the samples with (a) CAC 51 wt%
and (b) 71 wt% subjected to high temperatures 500, 800 and 1000 °C; and for
w/c = 0.25, 0.3 and 0.4.

It can be observed that the higher the temperature, the greater the damage in both
cements. However, the cement with a lower content of alumina presented a greater
damage to a fixed temperature. A connection with the degree of damage and the
ratio of water to cement in these two figures is not clear. This suggests that the
higher the alumina content the better the behavior of the cement at high tempera-
ture, particularly 1000 °C.

Fracture Analysis for Factor: Temperature

Figure 8 shows curves of total crack length for samples of CAC 51 and 71 wt%
subjected to temperatures of 500, 800 and 1000 °C. It can be observed that at 500 °C
the samples with the greatest damage are CAC 71 wt% for a w/c ratio of 0.4, and
CAC 51 wt% for w/c ratio of 0.3. It is not clear direct relationship between the degree
of damage, the alumina content, and the ratio of water to cement at this temperature.
In addition, at 800 °C the samples with the greatest damage are CAC 51 wt% for w/c

Fig. 3 Images of CAC pastes exposed at high temperature 800 °C
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ratio of 0.4, and CAC 51 wt% for w/c ratio of 0.3. This suggests that at 800 °C the
CAC 51 wt% performs better than the CAC 71 wt%. Therefore, it is not clear to
establish a direct relationship between the degree of damage, and the ratio of water to
cement at this temperature.

On the other hand, at 1000 °C, cement of lower alumina content and lower w/c
ratio showed more damage.

Fracture Analysis for Factor: Water to Cement Ratio (W/C)

Figure 9 shows curves of total fracture size (total crack length) for samples of
calcium aluminate cement, CAC 51 and 71 wt% subjected to temperatures of 500,
800 and 1000 °C. It is observed that for W/C = 0.25 at 1000 °C and at 800 °C,
cement of lower alumina content showed more damage. For W/C = 0.3 at 1000 °C,
cement of higher alumina content shows more damage and for 800 °C the least
damage occurs. It can also be observed that for W/C = 0.4 at 800 °C, cement of
lower alumina content, shows more damage and for 800 °C the least damage
occurs.

Fig. 4 Images of CAC pastes exposed at high temperature 1000 °C
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Fig. 5 SEM images for CAC pastes exposed at high temperature (20 °C), 10000X. a 51 A-wt%:
w/c = 0.4. b 51 A-wt%: w/c = 0.5. c 71 A-wt%: w/c = 0.4. d 71 A-wt%: w/c = 0.5

Fig. 6 SEM images for CAC pastes exposed at high temperature (1000 °C), 10000X. a 51 A-wt
%: w/c = 0.25. b 51 A-wt%: w/c = 0.3. c 51 A-wt%: w/c = 0.4. d 71 A-wt%: w/c = 0.25. e 71
A-wt%: w/c = 0.3. f 51 A-wt%: w/c = 0.4

560 J. F. Zapata et al.



Discussion

Due to Dehydration of the crystalline portion CAH10, the calcium aluminate cement
s pastes, readily fracture at 37 °C or higher, increasing the level of damage with
increasing temperature. What proves that pure cement paste is not suitable for
refractory applications but is the basis for creating refractory ceramics of Mullite,
Corundum and Silicon carbide, [11–14], which if they show good resistance
behavior at high temperatures up to 1400 °C. As expected at temperatures above

Fig. 7 Damage quantification at high temperature analyzed by the alumina content in two cement
formulations: CAC 51–71 wt%

Fig. 8 Damage quantification at high temperature analyzed by temperature at 500, 800 and
1000 °C

Fig. 9 Damage quantification at high temperature analyzed by water to cement ratio: 0.25, 0.3
and 0.4 w/c
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800° C appear the anhydrous phases of the powders due to the release of hydrogen
from CAH10.

Conclusions

• Materials with higher alumina content have an increased number of cracks.
Also, higher w/c contributes to the conversion process propitiating greater
number of cracks in these samples.

• At higher temperature and lower w/c there is a greater probability of larger
cracks.

• At higher alumina content, the average crack size is higher, which causes that
these cements at 1000 °C presented bigger structural problems.

• Calcium aluminate cement pastes exhibit very little refractoriness properties on
their own, but when mixed with other minerals it generates highly refractory
materials.
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On the Experimental Evaluation
of the Fracture Toughness of Shape
Memory Alloys

Behrouz Haghgouyan, Ceylan Hayrettin, Theocharis Baxevanis, Ibrahim
Karaman and Dimitris C. Lagoudas

Abstract A methodology for measuring the fracture toughness of shape memory

alloys (SMAs) from a single compact tension (CT) nominally isothermal load-load

line displacement record is proposed. The methodology uses J-integral as the frac-

ture criterion, relies on the ASTM standards E1820 modified to accommodate the

Young’s moduli mismatch between the austenite and martensite phases. Finite ele-

ment analysis (FEA) is employed to validate the methodology while experimen-

tal data from CT specimens are interpreted accordingly. The fracture toughness

of martensitic equiatomic NiTi at room temperature is much higher than the phe-

nomenological value reported on the basis of linear elastic fracture mechanics.

Keywords Fracture toughness ⋅ J-integral ⋅ NiTi SMA

Introduction

Shape memory alloys (SMAs) can undergo and recover large strains through a

reversible, solid state, diffusionless transformation that can be triggered by mechani-

cal load and/or temperature variations. Depending on the initial state of the material,

i.e., austenite or martensite, upon loading, SMAs can go through martensitic transfor-

mation or detwinning, respectively. In the former case, SMA may recover the strain

upon unloading (pseudoelasticity). In the latter case, the SMA may return to its orig-

inal shape by increasing the temperature (shape memory). Thanks to these superior

properties, SMAs are desirable in a wide range of applications such as biomedical,

actuation and vibration damping [1].
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The successful integration of SMAs into commercial applications requires under-

standing and practice of fracture mechanics concepts. As discussed in a recent review

paper [2], the fracture response of SMAs is rather complex owing to the reversibility

of phase transformation, detwinning and reorientation of martensitic variants, the

possibility of dislocation and transformation-induced plasticity, and the strong ther-

momechanical coupling. This complexity is also reflected in the determination of

their fracture toughness from specimen that are not prohibitively large.

Fracture toughness values of NiTi SMAs have been reported in few papers [3–10]

and nearly identical KIc-values of ∼30 MPa
√
m has been reported for pseudoelas-

tic NiTi. Most of the published data appears to be determined from test specimens

of thickness not large enough compared with the estimate of the plastic zone size

in conventional elastic-plastic materials, 1∕(3𝜋) ⋅
(
KIc∕𝜎y

)2
[11], i.e., their thick-

ness did not exceed 2.5(KIc∕𝜎y)2, where KIc is the calculated critical stress intensity

factor and 𝜎y the yield stress of the material. Therefore these tests do not comply

with the small yielding condition which is a perquisite for measuring the critical

stress intensity factor in conventional elastic-plastic materials. The results measured

based on the premise of linear elastic fracture mechanics (LEFM) by using test spec-

imens of sufficient size are as well questionable, since ASTM standards should be

interpreted as to require the zone of non-linear deformation close to the crack tip,

regardless of the mechanism, to be smaller than a fraction of all the characteristic

dimensions of the crack configuration. With respect to SMAs, this restriction leads

to a requirement on the size of the stress-induced transformation/detwinning zone,

not on the plastic zone size, being small enough for LEFM to be valid. Although

the expression 1∕(3𝜋) ⋅
(
KIc∕𝜎y

)2
overestimates, by an order of magnitude, the size

of the yielding zone in SMAs [12], it underestimates considerably the size of the

transformation/detwinning zone, which can be approximated as 1∕(3𝜋) ⋅
(
KIc∕𝜎cr

)2
.

In this expression, 𝜎cr denotes either the stress level required for initiation of phase

transformation or detwinning of twinned martensite depending on whether the mate-

rial is in the austenitic or twinned martensitic state at zero load, respectively. For

temperatures higher than martensite desist temperature (Md), 𝜎cr should be under-

stood as the yield stress of austenite. For such a requirement to be satisfied, the SMA

specimens may be prohibitively large depending on the ambient temperature.

In the present work, the fracture toughness of NiTi SMA is measured using J-

integral as a fracture criterion for which the requirements on specimen sizes are

much less strict than those for a valid KIc-value. The proposed approach relies on the

ASTM standards E1820 modified to accommodate the Young’s moduli mismatch

between the austenite and martensite phases. The experimental data obtained from

mode-I testing NiTi compact tension (CT) specimens are interpreted accordingly and

the fracture toughness of NiTi SMA is provided.
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Methodology

The J-integral is proposed by Rice [13] as a path independent integral over an arbi-

trary contour surrounding the crack tip:

J = ∫
𝛤

(wdy − T 𝜕u
𝜕x

ds) (1)

where 𝛤 is an arbitrary path around the crack tip, w is the strain energy density, T
is the outward traction vector, u is the displacement vector, ds is the length incre-

ment along the contour and x and y are the rectangular coordinates at the crack tip.

To enhance the accuracy near the linear elastic regime in experimental measure-

ments of the fracture toughness, the J-integral for non-advancing crack length can

be expressed as the sum of elastic and plastic components:

J = Jel + Jpl (2)

For conventional elastic-plastic response, the elastic component of J can be consid-

ered as the energy release rate, G. Using the relation between G and K, Jel can be

obtained as:

Jel =
K2

E′ (3)

HereE′ = E∕(1 − 𝜈
2) for plane strain andE′ = E for plane stress, whereE is Young’s

modulus and 𝜈 is Poisson’s ratio. The plastic component of J can be calculated as

follows:

Jpl =
𝜂plApl

Bb
(4)

where Apl is the plastic area under the load–load line displacement curve, B and b are

the specimen thickness and uncracked ligament, respectively and 𝜂pl is a function of

specimen geometry; 𝜂pl = 2 + 0.522(b∕W) for CT specimen. In view of Eqs. (3) and

(4), Eq. (2) yields:

J = K2

E′ +
𝜂plApl

Bb
(5)

The above methodology does not apply as is in SMAs due to the change in the appar-

ent Young’s modulus with transformation/detwinning. Instead of using Eq. (3), the

following relation as introduced in [14] for elastic-plastic materials is used to calcu-

late the elastic part of the J-value:

Jel =
𝜂elAel

Bb
(6)

where Ael is the elastic area under the load–load line displacement curve. 𝜂el is a

factor that is generally different from aforementioned 𝜂pl and will be calculated in
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the next section. Using Eq. (6):

J = 1
Bb

(𝜂elAel + 𝜂trAtr) (7)

where 𝜂tr = 𝜂pl and Atr is the non-elastic area under the load–load line displacement

curve due to transformation. Consequently, determination of 𝜂el is the key to the

experimental measurement of the J-integral in SMAs. It should be noted that Eq. (7)

is developed for stationary cracks. For growing cracks, incremental J-integral eval-

uation is required. To this aim, J can be written in incremental form as:

J(i) = J(i)el + J(i)tr (8)

where J(i)el and J(i)tr are the incremental elastic and transformation components of the

J(i)-value corresponding to the ith step of crack extension. To consider the effect of

crack extension, J(i)el and J(i)tr are evaluated from the preceding step as:

J(i)el =
[
J(i−1)el +

𝜂
(i−1)
el

B b(i−1)
(A(i)

el − A(i−1)
el )

][
1 − 𝛾

(i−1)
el (a

(i) − a(i−1)

b(i−1)
)
]

(9)

and

J(i)tr =
[
J(i−1)tr +

𝜂
(i−1)
tr

B b(i−1)
(A(i)

tr − A(i−1)
tr )

][
1 − 𝛾

(i−1)
tr (a

(i) − a(i−1)

b(i−1)
)
]

(10)

where 𝛾tr = 1 + 0.76(b∕W) for CT specimen and 𝛾el will be given as a function of

b∕W.

Computational Work

Modeling

To determine the 𝜂el factor, 2D CT specimen is modeled in Abaqus as shown in

Fig. 1a. The mesh consists of four-node bilinear plane strain quadrilateral elements

(CPE4) and is refined near the crack tip. A mechanical load P is applied in mode-I at

constant temperature. To calculate 𝜂el, elasticity is employed as the material model.

Consequently, J = Jel where Jel is as in Eq. (6). Computing J from the contour inte-

gral in FEA, one can obtain 𝜂el by evaluating Ael and using the specimen geometry.

Given that the 𝜂 factor is a function of geometry, we analyzed different crack sizes in

the range 0.45 ≤ a∕W ≤ 0.55 to obtain a relation for 𝜂el as a function of remaining

ligament, b.

To verify the method, the same problem is solved for a SMA under isothermal

loading paths. To this aim, the unified model for polycrystalline SMAs proposed
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Fig. 1 CT specimen: a 2D

FE model (a∕W = 0.5), b
optical image (W = 20 mm)

by Boyd and Lagoudas [15] is included via a user material subroutine (UMAT) in

Abaqus. This model is developed within the continuum thermodynamics framework

and uses the classical rate-independent infinitesimal strain flow theory for evolution

equations governing transformation strains.

Results

Jel is computed at each load increment from contour integral in FEA and Ael is eval-

uated from the area under the load–load line displacement response. Jel is plotted

with respect to Ael∕Bb for five different crack sizes in 0.45 ≤ a∕W ≤ 0.55 range as

illustrated in Fig. 2a. According to the results, the slope of the linear regression, i.e.

𝜂el, decreases by increasing the crack size. To quantify this trend, the 𝜂el values are

plotted as a function of b∕W. A linear relation is observed as illustrated in Fig. 2b

and the linear regression yields: 𝜂el = 1 + 3.25(b∕W). Using this, 𝛽 is calculated for

CT specimens as 𝛾el = 8.05(b∕W).

Fig. 2 Computational results of the elastic model with 0.45 ≤ a∕W ≤ 0.55: a Jel versus Ael∕Bb
plots used to compute 𝜂el, b 𝜂el as a function of b∕W
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Fig. 3 Computational results of the SMA model with a∕W = 0.5: a load–load line displacement

response, b Jel versus Ael∕Bb plot used to compute 𝜂el

SMA material model is implemented in Abaqus to verify the proposed method.

Figure 3a shows the computational load–load line displacement curve. Here the

unload/reload sequences are performed during loading using which the elastic and

transformation components of A is evaluated. At each load increment corresponding

to these unload/reload sequences, J is computed from contour integral in FEA, Jtr
is obtained as in Eq. (7) and then subtracted from the J leaving Jel. Figure 3b plots

Jel with respect to Ael∕Bb according which a strong linear relation is observed. 𝜂el
evaluated from the slope of linear regression agrees with the value obtained using

the 𝜂el equation.

Experimental Work

Material and Specimen

The material used in this study is equiatomic NiTi manufactured by ATI. Accord-

ing to the differential scanning calorimetry (DSC) results (Fig. 4a), the material is in

martensitic state at room temperature. Electro-discharge machining (EDM) is used to

cut dog-bone and CT specimens for tensile and fracture tests, respectively. Figure 1b

shows the optical image of CT specimen. Tests are carried out at room temperature in

servo-hydraulic MTS test frame. For tensile characterization, dog-bone specimen is

used. Figure 4b shows the stress-strain response of martensitic NiTi at room temper-

ature. For fracture experiments, specimens are first pre-cracked in fatigue to produce

a sharp crack. Pre-cracking is performed under cyclic loading resulting in crack sizes

(i.e. notch length plus fatigue crack) within 0.49 ≤ a∕W ≤ 0.53 range. The fracture

tests are carried out in mode-I under displacement control and load–load line dis-

placement records are developed.
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Fig. 4 NiTi characterization results: a DSC thermogram, b stress-strain response at room temper-

ature

Results

Figure 5a shows the experimental load–load line displacement results for three NiTi

CT specimens tested under mode-I at room temperature. In all experiments, the

response is linear at the beginning, then it deviates from linearity and reaches a max-

imum. After the maximum load has reached, the load decreases gradually until the

end of the test without any significant load drop, indicating an stable crack extension.

To measure the resistance to crack extension, J − R curves are developed. This is a

plot of J versus stable crack extension, 𝛥a. J is calculated at each load increment

on the load–load line displacement record using Eq. (8) while 𝛥a is estimated using

compliance measurements. To determine the initiation toughness, a construction line

is first defined using the equation J = 2𝜎Y𝛥a where 𝜎Y is effective yield strength and

is defined as the average of detwinning stress and tensile strength. Two exclusion

lines are then plotted parallel to the construction line intersecting the abscissa at

0.15 and 1.5 mm. All J − 𝛥a data points that fall between these two parallel lines are

plotted and a power-law regression is fit through as shown in Fig. 5b. Another offset

line is then defined parallel to the construction line and intersecting the abscissa

at 0.2 mm; the intersection of the 0.2 mm offset line and the power-law regres-

sion defines the critical value of J. Based on this procedure, an average JIc value

is obtained as 151 KJ/m
2

for equiatomic martensitic NiTi. This results in an average

KJIc of 97 MPa
√
m, where KJIc =

√
E′JIc is used to extrapolate the K-based frac-

ture toughness values. This is much higher than the average fracture toughness value

obtained on the basis of LEFM, KIc = 38MPa
√
m.
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Fig. 5 Experimental results of NiTi CT specimens at room temperature a load–load line displace-

ment responses, b J − R curves

Summary

In this paper, we developed a methodology to measure the fracture toughness of

SMAs using J-integral. The proposed approach differs from the corresponding one

used in conventional elastic-plastic materials by accommodating the Young’s moduli

mismatch in SMAs. FEA is employed to calculate the 𝜂-factor required in the formu-

lation. SMA material model is implemented to validate the proposed methodology

for SMAs. The methodology is used to interpret the experimental data obtained from

testing NiTi CT specimens at room temperature. J − R curves are developed and the

fracture toughness JIc is estimated. It is found that the fracture toughness of marten-

sitic equiatomic NiTi is much higher than the phenomenological value reported on

the basis of linear elastic fracture mechanics.
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Inoculation in Lab Scale Low Alloyed Steel
Castings

M. Gennesson, D. Daloz, J. Zollinger, B. Rouat, J. Demurger,
D. Poirier and H. Combeau

Abstract Several experiments using different inoculant powders (oxides, nitrides,

carbides and ferrocerium) were carried out on 42CrMo4 steel in a 50 g induction

heated laboratory furnace. The inoculants were selected based on lattice mismatch,

thermodynamic stability and relative density. The effects of each inoculant type on

the microstructure are discussed in terms of these selection parameters. The addition

of materials with a low lattice mismatch tends to refine the grain size, except in

the case of ferrocerrium additions. Scanning electron microscope characterization

improves understanding of the underlying mechanisms.

Keywords Inoculation ⋅ Steel ⋅ Cerium

Introduction

Requirements for more homogeneous products is a great concern in steel ingot

making. One of the critical processing step to control is the solidification. During

solidification, several kinds of defects arise like porosities and chemical segrega-

tions. Those chemical segregations are well-known to happen at the microscopic

scale. In meter long products like industrial steel ingots, macrosegregation is also

a common feature which is defined as “solute composition inhomogeneities at

the macroscopic scale”, [1]. Macrosegregation is generally provoked by solidifica-

tion shrinkage, convection, deformation of the mushy zone and/or relative motion

between the solid and the liquid phase, [1].

The total density of nuclei in the melt is a possible lever to act on the grain move-

ment, and thus, to modify and improve the macrosegregation pattern in big ingots

thus shown in numerical simulations, [2, 3]. Several means have been proposed to
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increase the grain density in the melt like modification of the process design with

new mold shapes, hot toppings, different pouring rates or electromagnetic stirring,

[4–7].

Inoculation is also a common way to have higher grain density in the melt. In the

following article, inoculation is defined like the addition/creation of particles inside

the melt. The new particles have to promote heterogeneous nucleation, [1]. Inocula-

tion for aluminum alloy and cast irons has been carefully studied, [8, 9]. For the case

of low alloyed steels, successful grain refinement has been obtained for rare earth

metal, NbC-containing ferroalloy or TiN-containing ferro alloy additions, [10–12].

In all the previous cases, particles are either forming in the melt or contained inside

ferroalloys. While reviewing the literature, direct particle additions are rarely found.

Recent investigations have shown improved centerline segregation on continuously

casted steel with addition of TiN, TiC or ZrN, [13].

This study investigates two different types of inoculation: Ce ferroalloy and pure

compound additions. The main goal of this work is to use a small and fast laboratory

set-up rather than big castings to select inoculants.

Experiments

Reference Alloys

The reference steel grade in this study is 42CrMo4 (also AISI 4140). 42CrMo4 is

a through and surface hardening steel. It is still industrially casted as ingots and its

nominal composition is given in the Table 1. 42CrMo4 grade firstly solidifies in 𝛼-

ferrite up to a solid fraction of 15% and then fully solidifies in 𝛾-austenite.

Cold Crucible Induction Melting Setup

The melting set up is a cold crucible induction furnace as shown in the Fig. 1. The

crucible and the coil are made of copper and internally cooled by water. The quartz

tube is used to establish a primary vacuum (≃10
−3

mbar) for cleaning purposes.

The quartz tube to control the gaseous atmosphere prevents from adding easily the

inoculants after melting. It has been chosen to add the inoculant inside a drilled hole

in the base metal. The weight of the sample is 50 g.

When a periodic current goes trough the coil, a magnetic field establishes. The

melting of the sample happens thanks to the induced Eddy currents. With this

kind of setup, the sample is never fully liquid. The Lorentz forces vertically push

Table 1 Composition of the reference steel (wt%)

Grade C Mn Si Cr Cu Ni Mo

42CrMo4 0.4 0.7 0.3 1 0.1 0.2 0.2
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Fig. 1 Induction melting setup composed by a Cu coil, a Cu crucible and a quartz tube linked to a

pump and to an argon bottle. A 2D schematic view is drawn on the left of the picture. A photography

of the real setup is also given on the right

away the sample from the crucible but one contact point still exists at the bottom

of the sample, [14]. Finally, when the coil current intensity is decreased in the coil,

the Lorentz forces are not sufficient to push away the droplet. The liquid touches

the cold crucible and the solidification begins.

Inoculation Material

The different inoculant powders have been selected according to their density, sta-

bility in the melt and misfits with ferrite or austenite. The misfit has been calculated

according to the definition of Bramfitt [15]. All the properties of the tested particles

are given in the Table 2. CexOySz stands for all the possible particles after ferro-

cerium addition.

Table 2 Properties of the different inoculant particles (numerically ranked by misfit with 𝛼-ferrite)

Formula Crystal system Misfit
𝛿

(%) Misfit
𝛾

(%) 𝜌(kg/m
3
)
a

TiN BCC 4.6 16 5220

CexOySz FCC, BCC, HCP 0.3 ≤ x ≤ 6 6 ≤ x ≤ 13 5020 ≤ x ≤ 7130
CeO2 FCC 5.6 6.3 7130

𝛽-Si3N4 HCP 6.2 0.4 3100

ZrO2 FCC 7 0.96 6200

𝛼-Al2O3 HCP 7.8 6.6 3970

W2C HCP 8.1 1.9 17150

HfC FCC 9.6 8.9 12650

𝛽-SiO2 FCC 12.1 1.94 2320

a
Density data are extracted from [17]
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As a result of this selection, ferrocerium alloy appears to be a good candidate.

Cerium ability to form oxides, sulphides or oxysulphides inside the melt has been

known for a very long time, [16]. The composition of the alloy used in this study

is Fe-30 wt% Si-20 wt% Ce. This alloy is available as pellets of size 1 mm. The

additions were 0.025, 0.05, 0.1 and 0.2 wt% Ce.

Powders of pure compounds (with diameters close to 1 µm) have also been

selected and additions of 0.3 wt% were made for pure compounds.

Experimental Characterizations

Cold crucible samples were cut in half along the gravity direction. With such kind

of cutting plane, a complete observation of macrostructure (equiaxed, columnar and

zone remaining solid during the experiment) is possible. Common metallography

(mounting, grinding and polishing) is then applied before etching in a warm super-

saturated picric acid solution. This kind of etching allows to reveal primary structure

due to selective etching of differences in chemical composition.

In the as cast state, the microstructure is fully martensitic. Solidification grain size

cannot be characterized by electron back scattering diffraction technique. Primary

phases (𝛼-ferrite or 𝛾-austenite) undergo a solid-state phase transformation during

cooling. As cooling rate is high, exhibited microstructure at room temperature is

fully martensitic. Microsegregation is the only left record of the primary structure

as crystallographic arrangements do not exist anymore.

A ZEISS Axioplan 2 imaging optical microscope with an Axiocam MRc5 camera

was used for optical characterizations. A FEI Quanta 650 FEG scanning electron

microscope (SEM) with an Electron Dispersive Spectrometer (EDS) was used to

perform inclusion characterizations.

Measurements of grain size in the equiaxed zone are performed manually where

each grain is outlined with the freehand selection tool in Fiji [18]. A custom macro

program is then able to measure all the geometrical features associated with each

grain (area, circularity, perimeter, etc.) and colored images are available for visual

comparisons.

Results

Solidification Structures

Some of the pure compounds additions like W2C, CeO2 and HfC have a small effect

on the morphology of the dendritic equiaxed grains. It is not the case for ZrO2 and

to a much lesser extent Si3N4, Al2O3 and SiO2. In these cases, the equiaxed area is

mixed with large clusters of globular grains and very large dendritic grains (Fig. 2).
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Fig. 2 Example of equiaxed grains after inoculation. From left to right: Reference, 0.3 wt% Al2O3,

0.2 wt% Ce

Cerium addition also drastically changes the equiaxed grain morphology. More-

over, columnar grains are likely to develop along the free surface for high cerium

addition. In consequence, the equiaxed area tends to be reduced with cerium addi-

tion.

Grain Size Measurements

For each samples, 250 grains were measured inside the equiaxed area. Grain size

is defined as the square root of the mean value of the measured dendrite areas

(Dsquare eq =
√
< A >). The results are vividly illustrated in the Fig. 3.

It can be seen than grain refinement is obtained for pure compounds powder that

exhibits a low misfit like CeO2, Si3N4 or TiN. The case of grain growth with ZrO2

Fig. 3 Mean grain size measurement after inoculation. Pure compound powders inoculated sam-

ples are plotted against misfit with ferrite (left). Reference is shown as the blue dotted line. Fer-

rocerrium inoculated samples are plotted with respect of added cerium (right). Content of added

ferrocerium alloy is five times higher
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is unexplained in this work. On the other hand, ferrocerium addition provokes grain

growth. If the addition is bigger than 0.05 wt%Ce, the final grain size is doubled in

comparison to the reference.

SEM Characterizations

All inoculated samples have been undergoing scanning electron microscope inves-

tigations. For pure compounds additions, the resulting inclusion distributions are

specific to each addition:

∙ TiN can be found in the equiaxed area in high surface particle density regions.

Outside of these rare regions, no particles can be seen.

∙ Si3N4 can be found inside the equiaxed area uniformly dispersed.

∙ SiO2 particles are also present in the equiaxed area where they are often found

along with MnS inclusions.

∙ HfC can be present in the equiaxed area where most of them are fully encapsulated

inside MnS.

∙ W2C particles are only found in the columnar area inside the interdendritic spaces.

∙ No ZrO2 and CeO2 particles have been seen.

For ferrocerium additions, inclusions are mostly cerium sulphides with MnS

chunks in the outer shell. They are equally dispersed in the equiaxed zone and glob-

ule shaped. The surface density of the cerium sulphides is roughly 200 particles/mm
2

and their mean diameter lies between 1 and 10 µm. Characterization of an etched

sample has clearly stated that the particles are not only located inside the interden-

dritic area. Examples of particles are shown in the Fig. 4.

Fig. 4 SEM electron back scattering pictures of cerium sulphide inclusions with MnS chunks (in

black) (H=15 kV, WD = 11mm). The scale is the same on both picture
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Discussion

Pure Compound Inoculation

Grain refinement has been observed after powder additions for which intensity could

be—except for ZrO2 correlated to misfit values with ferrite. While, it has already

been reported in the literature, the misfit with ferrite is not a sufficient parameter

to explain the change in morphology observed for some of the cases. As the com-

position of the reference steel is close to the composition of the peritectic, the mis-

fit with austenite could also be an important parameter. For example, ZrO2, Si3N4
and SiO2 have a very small misfit with austenite (lower than 2%). After inoculation,

their equiaxed structures changed from fully globular to mixed globular/dendritic.

The low misfit with austenite could also explain why the grain refinement is more

efficient for Si3N4 than for CeO2 or TiN.

There are also other complex effects which could also impact the final grain size.

The density of W2C is very high and could explain why no particles can be found

inside the equiaxed area. Si3N4 has also a very high solubility limit, [19]. Conse-

quently, it is more likely to dissolve inside the liquid melt. It means that holding

time at liquid state could be a crucial parameter. From all these considerations, inoc-

ulation success is not only a matter of misfit because it is a complex phenomenon

which lies in a combination of several parameters.

Ferrocerium Inoculation

Ferrocerium addition increases grain size and it doesn’t agree well with previous

results from the literature, [20–22].

In our case, cerium particles can be found inside the equiaxed area and there

are not located inside the interdendritic region. It means that they are not forming

at a late solidification stage and could help heterogeneous nucleation. Moreover,

cerium sulphides have a low misfit with ferrite: 0.8%, 0.4%, 0.4% respectively for

CeS, Ce2S3 and Ce3S4. Finally, their sizes lie in the right range to possibly act as

good nucleants. In appearance, all the necessary conditions for inoculation seem to

be fulfilled.

Two different phenomena could happen at the same time. The cerium sulphides

are complex particles with chunk of manganese sulphides. It is very likely that solute

are poisoning the new nucleation sites. This has already been reported in aluminum

alloy with high silicon content, [23]. In this case, particles could end up inside the

equiaxed grains by engulfment/entrapment. The second effect is that cerium addi-

tion could also change the liquid/solid interfacial tension. Previously, it has been

reported in the literature that cerium addition decreases the liquid/solid interfacial

tension, [10, 24]. This effect could be due to either the presence of solutal cerium
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or the decrease in the sulfur and oxygen content in the melt. Liquid/solid interfacial

tension affects the dendrite tip velocity and the columnar to equiaxed transition, thus

explaining bigger grain sizes and smaller equiaxed areas.

Conclusion

Cold crucible experiments are able to give some preliminary results over pure com-

pound addition. Low misfit pure compounds can be added directly to the melt to

reduce the grain size. The best candidates to achieve reduced grain sizes are TiN,

Si3N4 and CeO2. As 42CrMo4 base composition is close to the peritectic, misfit

with austenite could also be an important parameter. For other additions, other para-

meters like density and stability in the melt could explain failure.

For cerium addition, unexpected grain growth has been obtained. Cerium sul-

phides are well dispersed in the equiaxed area and in the 1–10 µm size range and

small chunks of MnS are often observed on the outside shell. As those particles

exhibit small misfit with ferrite, grain refinement should happen. Solute poisoning

of cerium sulphide sites could explain why those sites are not activated. Decreased

liquid/solid interfacial tension because of cerium excess and the liquid and/or desul-

phurization and deoxidation could affect the tip velocity, the columnar to equiaxed

transition and the maturation of secondary arms. This could explain the reduced

equiaxed area, the increased grain size and the shift in morphology. Further work is

needed to improve the understandings on this matter.

Larger 10 kg ingots will be casted with pure compounds addition and ferrocerium

to confirm the results. The best candidate will then be selected for a 6.2 tonne indus-

trial casting. The macrosegregation pattern and associated solidification structure

will be carefully studied.
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Phase-Field Modelling of Intermetallic
Solidification

Andrew M. Mullis, Peter C. Bollada and Peter K. Jimack

Abstract Many important intermetallic compounds display a faceted morphology
during solidification close to equilibrium but adopt a more continuous, dendritic
like morphology with increasing departure from equilibrium. We present a
phase-field model of solidification that is able to both reproduce the Wulff shape at
low driving force and to simulate a continuous transition from faceted to dendritic
growth as the driving force is increased. A scaled ratio of the (perimeter)2 to the
area is used to quantify the extent of departure from the equilibrium shape.

Keywords Phase-field modelling ⋅ Faceted crystals ⋅ Intermetallics

Introduction

Phase-field modelling is widely used to simulate continuous (non-faceted) crystal
morphologies, such as dendrites, during growth from the melt. Much less attention
has been paid to the growth of faceted crystals as the phase-field rationale of
approximating the sharp solid-liquid interface with one that is diffuse does not
immediately lend itself to the solidification of such faceted crystals. Despite this, a
number of methodologies for simulating faceted morphologies have been proposed
[e.g. 1–6].

Much of the interest in simulating faceted crystal growth has been stimulated by
the study of Si and Ge due to their importance in the electronics industry. However,
the growth of faceted crystals is also important within the light metals industry with
regard to structural components. This is not only because Si is used extensively in
Al casting alloys, producing a faceted/non-faceted eutectic but also because many
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of the most deleterious intermetallics formed due to impurity elements within
Al-alloys are strongly faceted (e.g. θ-Al13Fe4 [7]).

It is well established that crystals that grow with faceted morphologies close to
equilibrium progressively take on more continuous interface shapes with increasing
departures from equilibrium, eventually adopting fully dendritic morphologies. This
has been shown for the growth of pure semiconductors [8, 9], the Si phase in Al–Si
eutectics [10] and for intermetallic phases [11]. Simulation of this particular aspect
of faceted growth has however received very little attention.

Within phase-field the strong anisotropy required to produce faceted growth can
be incorporated into the interfacial surface energy [1–3], the kinetic mobility [4, 5]
or both [6]. Recent work has tended to favour the kinetic approach, but when
considering the faceted to non-faceted transition mediated by high growth velocity
this approach is problematic as the tendency towards faceting becomes stronger,
rather than weaker, with increasing growth velocity. There is a further problem in
that, in the limit of vanishing growth velocity the kinetic anisotropy vanishes,
giving rise to isotropic growth. In contrast, faceting introduced via the surface
energy has the desirable properties that the faceted morphology is most pronounced
at equilibrium and is progressively lost with increasing growth velocity. As such,
this approach is a computationally expedient means of studying the faceted to
non-faceted growth transition.

In this paper we use a phase-field model of faceted crystal growth mediated by a
strong anisotropy in the interfacial surface energy in order to study the transition
from faceted to dendritic growth with increasing growth velocity. As far as we are
aware, the only previous work to simulate this type of transition using phase-field is
[3], and then in the case of thermal growth only.

Phase-Field Model

The equations for the evolution of the phase (ϕ) and solute (c) fields are given by:

φ ̇= −M
δF
δϕ

ð1Þ

c ̇=∇ ⋅D∇
δF
δc

ð2Þ

where D and M are the solute diffusivity and kinetic mobility respectively. F is the
total free energy for the system, given by:

F =
Z
Ω
Gd3x ð3Þ
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with G being the free energy density given by:

G= g ϕð ÞGliq c, Tð Þ+ 1− g ϕð Þð ÞGsol c,Tð Þ+ω A ∇ϕð Þ+8ϕ2 1−ϕð Þ2
h i

ð4Þ

Here, g(ϕ) = ϕ2(3 – 2ϕ) is a polynomial that interpolates between the bulk free
energies for the liquid (Gliq) and solid (Gsol) phase respectively at concentration
c and temperature T, ω is a scalar that governs the barrier height associated with the
double well potential 8ϕ2(1 – ϕ)2 and A is a function that governs the anisotropy.
The most common model for weakly anisotropic materials displaying four-fold
symmetry is:

A ∇ϕð Þ= 1
2
δ2γ ∇ϕð Þ ⋅ γ ∇ϕð Þ , with γ ∇ϕð Þ= 1+ ε cos 4θ½ �∇ϕ ð5Þ

where δ is a measure of the width of the diffuse interface and ε controls the strength
of the anisotropy. θ is the angle of the outward pointing normal to the solid-liquid
interface, given by:

n ̂≡
∇ϕ
∇ϕj j =

cos θ
sin θ

� �
ð6Þ

In the simulations reported here we consider the growth of Si crystals from
hypereutectic Al–Si at c = 0.6 (60 at.% Si). The bulk free energies for the solid and
liquid phases are given by:

Gj c, Tð Þ= cGAl
j Tð Þ+ 1− cð ÞGSi

j Tð Þ+ RT
νm

c ln c+ 1− cð Þ ln 1− cð Þ½ �+Gxs
j c, Tð Þ

ð7Þ

Here j labels the phase (either liquid or solid), R is the gas constant and νm the
molar volume. Gi (i = Al, Si) are the free energy of the pure elements while Gxs is
the excess free energy on mixing, which are given respectively by:

Gi
j = aij + bijT + cijT ln T + dijT

2 + eijT
3 + f ij T

− 1 + gijT
7 + hijT

− 9 ð8Þ

Gxs
j cð Þ= c 1− cð Þ ∑

4

m=0
pðmÞj + qðmÞj T

� �
1− 2cð Þm ð9Þ

Equations (7)–(9) are the standard way of representing the thermodynamics of
solution phases in CALPHAD. The coefficients a-h and p-q are obtained from
version 5.0 of the SGTE solutions database and are based on the thermodynamic
assessment contained within [12]. The phase diagram is shown in Fig. 1.

The solution to the above set of equations is obtained using a finite difference
implicit scheme with a geometric multigrid solver on an adaptive mesh to achieve
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high a density of mesh elements at the interface. Full details of the computational
scheme, applied to the growth of continuous (non-faceted) crystals, are given in
[13].

Anisotropy and Modelling of Facets

The effect of the anisotropy function, γ, on the equilibrium shape of the crystal is
shown in Fig. 2. Figure 2a shows a polar plot of γ for several values of the ani-
sotropy strength, ε. The corresponding Frank diagram is a contour of γ in [ϕx, ϕy]
space, where ϕx and ϕy are the partial derivative of ϕ with respect to x and

Fig. 1 Phase diagram for the
Al–Si system. Simulations
here conducted at c = 0.6

Fig. 2 a Polar plot b Frank diagram and c Wulff shape for a weak 4-fold anisotropy
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y respectively. An example Frank diagram, corresponding to values of ε used in
Fig. 2a is shown in Fig. 2b. From this we can calculate the function W(t) = [γx(t),
γy(t)], where [ϕx = cos(t), ϕy = sin(t)] and:

γx ≡
∂γ

∂ϕx
, γy ≡

∂γ

∂ϕy
ð10Þ

W(t) is shown in Fig. 2c and is in fact the well-known Wulff shape giving the
equilibrium shape of the crystal. For high values of ε it can be seen from Fig. 2c
that W(t) develops cusps or ‘ears’ aligned with the principal anisotropy directions.
These correspond to disallowed crystal orientations and indicate that the resulting
solidification morphology will develop a sharp vertex during growth. For n-fold
symmetry this will occur for ε > 1/(n2–1), ε > 1/15 for four-fold growth. However,
it is clear from Fig. 2c that the Wulff shape still has curved sides even for ε > 1/15,
that is high anisotropy strength per se does not yield a faceted crystal with flat faces.

In fact, as shown in Fig. 3, the condition for flat, i.e. faceted, faces is that polar
plot of γ should have concave regions. For six-fold symmetry, as we might require
for growth of Si crystals, this is achieved using an anisotropy of the form (1 + ∣εcos
(3θ)∣) and has been adopted within the phase-field code for the simulations reported
here. However, the sharp vertices also associated with the Wulff shape for this
anisotropy can cause numerical problems, wherein to avoid this we approximate

cos 3θð Þj j by
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
cos 3θð Þ2 + q

q
, where q is a small quantity. The effect is to introduce

vertices which have a small, but constant curvature. Noting that:

cos 3θ= cos3 θ− 3 cos θ sin2 θ=
ϕ3
x − 3ϕxϕ

2
y

∇ϕj j3 ð11Þ

Fig. 3 a Polar plot b Frank diagram and c Wulff shape for a faceted hexagonal crystal
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we have the final form of the anisotropy functional as:

γ = 1+ ε

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
ϕ3
x − 3ϕxϕ

2
y

� �2
+ q6

φ2
y +ϕ2

y + q2
� �3

vuuuut
8>><
>>:

9>>=
>>;
∇ϕ ð12Þ

Results and Discussion

Figure 4 illustrates the crystal morphologies simulated at four different nucleation
temperatures; TN = 1300, 1200, 1100 and 1000 K. These are relative to a liquidus
temperature at c = 0.6 of 1430 K. The progression from essentially flat faceted
hexagonal crystal at the lowest undercooling to almost fully continuous six-fold
dendrite at the highest undercooling is clear, showing that the proposed model
provides an appropriate framework for simulating a faceted to continuous growth
transition with increasing driving force. Further detail is given in Fig. 5 in which we
show the growth of the crystal at TN = 1000 K at three different instances in time.
A pseudo-3D contouring is used in Fig. 5 as this is particularly effective in picking
out the solute rich cores evident within the dendrite arms.

Fig. 4 Crystal morphologies for nucleation temperatures of a 1300 K b 1200 K c 1100 K and
d 1000 K. All have the same anisotropy function as shown in Fig. 3
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In order to evaluate the evolution of the crystal morphology quantitatively as a
function of time and undercooling we define Λ as:

Λ=
Perimter2

4π ×Area
ð13Þ

This measure is invariant under scaling and is normalised so as to equal unity for
a circle. Any other closed shape will have Λ > 1, with a regular hexagon having the
value Λ=6 ̸

ffiffiffi
3

p
π

� �
≈1.10. Figure 6 plots (a) Λ and (b) the rate of change of Λ, Λ,

both as a function of the maximum extent of growth. Larger values of Λ indicate
increasing departure from the hexagonal morphology and hence a crystal with a
more dendritic character.

With reference to Fig. 6a it is clear that Λ increases as growth progresses at all
undercoolings studied here. From Fig. 6b it can be seen that in all cases Λ is
initially positive but decreasing. This initial transient is as a result of the model
using a circular seed to nucleate solidification. This is a deliberate choice so that any
subsequent growth of an hexagonal morphology is unambiguously the result of the
system selecting such a morphology, not being forced by the initial condition. In the
case of the growth of a solid hexagon, Λ will increase from 1.00 to 1.10 and Λ will
decrease monotonically tending asymptotically towards zero. This appears to be the
behaviour observed at the highest nucleation temperature (lowest undercooling) of
TN = 1300 K. At nucleation temperatures of 1200 K and below, Λ passes through a
local minimum, thereafter increasing rapidly. This corresponds to the point at which
Λ initially exceeds 1.10 and as such is the first indication that the resulting crystal
morphology will not be a simple regular hexagon. It can be seen from Fig. 6b that
all of the minima for different nucleation temperatures lie on a single straight line
(in log-linear co-ordinates). Consequently, it would appear that the size of the
crystal when it first begins to depart from simple hexagonal can be easily predicted
for any given nucleation temperature. It is also clear that the curve for TN = 1300 K
has become asymptotic to the line and, as such, is unlikely to display a minimum.
This would indicate tha for TN = 1300 K a simple hexagonal crystal will be pre-
served indefinitely during growth, in line with expectation that close to equilibrium
the Wulff shape is recovered.

Fig. 5 Three snapshots at different stages in the growth of a crystal with nucleation temperature of
1000 K
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With continued growth, at all nucleation temperatures except TN = 1300 K, Λ
subsequently passes through a local maximum. Irrespective of undercooling, this
occurs for Λ ≈ 1.75 and corresponds to a morphology which we might loosely
describe as a faceted hexagonal star, of which Fig. 4b is an example. This rapid
change in Λ (maximum in Λ) seems to be related to the formation of arms along the
original locations of the vertices. Thereafter, Λ mostly decreases smoothly, possibly

Fig. 6 a Scaled ratio of (Perimeter)2/Area as a function of crystal size for various nucleation
temperatures. b Rate of change of ratio of (Perimeter)2/Area
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with subsequent local minima, as evident in the curve for TN = 1000 K. These
probably correspond to the formation of the faceted kinks in the dendrite arms, as
evident in Fig. 5c.

Summary and Conclusions

A phase-field model for the binary alloy solidification of faceted crystal mor-
phologies has been proposed. It has been demonstrated that not only can the model
reproduce the Wulff shape for near equilibrium solidification, but that faceted to
dendritic transitions can be simulated at large departures from equilibrium, in
agreement with rapid solidification experiments. A scaled ratio of the (perimeter)2

to the area of the crystal, denoted by Λ, is used as a measure of the departure of the
morphology from the equilibrium Wulff shape. The evolution of Λ, and of its rate of
change, Λ, as a function of crystal size and undercooling, provides a framework in
which the evolution of non-equilibrium crystal shapes may be understood.

Acknowledgements This research was funded by the EPSRC Innovative Manufacturing
Research Hub in Liquid Metal Engineering (LiME), Grant No. EP/N007638/1.
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Analysis of Formability of Glassy Alloys
by Surface Heating Under Convective
Conditions

Rahul Basu

Abstract Modification of surface films by focussed energy sources with convec-
tive boundary conditions is idealised. The problem is approached by linearizing a
coupled set of heat and mass transfer equation. The nonlinearity of the coupled
problem introduces many complexities and exact solutions are not available in the
general case. This work uses certain transformations not published earlier to obtain
tractable solutions and stability benchmarks in terms of macroscopic parameters
like the Stefan, Biot and Fourier numbers. Linear ODE’s are obtained from the
coupled mass and heat transfer equations, which are analysed easily. Evaluation of
the properties of the thermal boundary layer and attenuation with imposed fluctu-
ating heat source shows that a regime exists for glass formation. Data from various
alloy systems show that glass formability is related to the derived boundary layer
thickness and certain non dimensional parameters.

Keywords Glassy alloys ⋅ Phase transformations ⋅ Heat transfer
Boundary layer

Nomenclature

a initial size
c concentration
cp specific heat
D differential operator, Diffusion coefficient
Fo Fourier number
Bi Biot number
Ste Stefan number
h heat transfer coeff.
a boundary length
g temperature concentration gradient
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K thermal conductivity
k thermal diffusivity
L latent heat
m mass
q source strength
r radial variable
s interfacial position s = 2λ √α12τ
T temperature
t time
z axial coordinate

Greek Symbols

α, κ diffusivity (subscript m for the mass component)
δ Characteristic length
ε porosity
η similarity variable
θm non dim temperature
μ small perturbation parameter (not to be confused with chemical potential) τ

non-dimensional time
θ non-dimensional temperature
ρ Density

Introduction

In the classic work of Mullins and Sekerka, a 1st order interface is analyzed which
moves at constant velocity [1]. The present work is 2nd order in concentration, (first
order in time), with a non constant velocity decided by a similarity transformation.
Stability criterion on planar interface or spherical converted to planar. Coupled
thermal and concentration equations are decoupled through solvus line and an ODE
obtained which yields a stability criterion depending on the externally applied Biot
and Stefan numbers, whereas the Fourier number is an internally decided parameter
decided by the “damping” or similarity number dependent of the diffusivity.
Mullins and Sekerka analyzed instabilities as a local phenomenon unaffected by the
surrounding diffusive field [1].

Langer started with disturbances in the nucleus or seed crystal, hypothesizing the
dissipation of latent heat into an under-cooled melt ahead of the interface [2].
Another aspect which was tackled was the discontinuity imposed on the field
solutions due to the moving interface, not discussed in [1]. Eventually any such
analysis has to come to grips with this difficult aspect. It was also found that
spherical paraboloids or oblate geometries with circular cross sections come out as
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solutions of the various diffusive models [2]. Earlier work by Hunt [3] on dendrites
shows similar morphologies as those given by Langer [2]. The preferential growth
in one direction was clearly a response to the gradient and boundary condition in
concentration and temperature. Hunt claimed that theoretical spacing agreed with
experiment, based on a spacing selection mechanism that does not depend on
marginal stability [4]. It is clear that apart from the arguments propounded in [1],
which deal with initial transients and instabilities, the overall field coupled with the
boundary conditions imposes a constraint on further growth of the transient
nucleus. In order to eliminate separate the effects of time and distance, if these are
combined through a similarity transformation, the diffusion equation with coupling
terms can be converted to an ODE and then solved.

Analysis

The transformations equations can be written in terms of the coupled mass and
thermal diffusive equations, [5]. These solutions for the general case can be derived
from first principles as in Eqs. (3) and (4):

Let θ = U/r, then the diffusion equation transforms to the familiar one dim case,
the solutions of which can be written:

θ− θ0ð Þ ̸ θ1 − θ0ð Þ= a ̸rð Þerfcðr− aÞ ̸2SqrtðDtÞ. ð1Þ

This particular transformed solution can be used to solve several spherical
problems, which has been overlooked by several earlier attempts for the spherical
case, to model a growing spherical nucleus, [6].

Convective Conditions

For surface temperature decided by convective heat flux, the methodology is to
apply a flux balance. Thus

h T−T0ð Þ=KdT ̸dx.Where dT ̸dX= Ts−Tmð Þ ̸l
hl ̸K Ts −Toð Þ=T, hence T=BiTo ̸ Bi− 1ð Þwhere Bi = hl ̸K ð2Þ

The thermal equations for heat diffusion can be written as:

kD2T= ρcpdT ̸dt ð3Þ
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this can be modified to account for remelt as

kD2T+ εLdc ̸dt = ρcpdT ̸dt ð4Þ

Dividing through and restricting to one dimension with the similarity variable η

T′′ + η ̸2T′ + εL ̸ρcp
� �

dc ̸dt = 0, where η=x ̸ ατð Þ0.5 ð5Þ

The artifice that the thermal gradient dT/dx and concentration gradient dc/dx are
linearly connected via the solvus line for melting, where g is the thermal gradient is
now applied. Normalized temperature yields the rewritten form (6), using the
convective relations explained in (2).

μθ′′ + .5μFoθ′ +Bi θ=0 Forcing function, where
μ=gρcp ̸εL ð6Þ

Assume a solution exp(β η) then β = −Fo/2 ± sqrt[Fo2/4 − Bi/μ]
Since μ is small, the discriminant can be negative within the normal range of Bi

and Fo (O ∼ 1).
From (6), if the second order term is neglected, the equation

0.5μFoθ′ +Biθ=0 ð7Þ

results (7)
Leading to the “Inner solution”

θ′ ̸ ̸θ= − 2Bi ̸μ Fo ð8Þ

Or

θðηÞ∼ expð− 2Bi ̸μFoÞη ð9Þ

Considering μ as a small parameter, a boundary layer thickness can be found
which is related to the Fo term. Approximating it as the distance where the solution
attenuates by 1/e, this distance is found to be (μFo/2Bi). This is also known from
concepts of the Fourier wavelength, and that attenuation of fluctuations depends on
the numerical value of (2Bi/μ).

On the other hand, if μFo is small, a solution of μ θ″ + 0.5 μFo θ′ + Bi θ = 00
depends on μ θ″ + Bi θ = 0 0, which can be expressed in hyperbolic sines and
cosines.

The thermal equation is an o.d.e in similarity variables which can easily be
solved. The oscillatory properties are decided by the discriminant which depends on
the Fourier, Biot, and Stefan numbers. An impinging laser frequency can be mat-
ched with resonant frequency of thermal (phase oscillations), thus preventing
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nucleation from occurring. Solutions for the planar case are known for Dirichlet
conditions and Heat source conditions, [7].

Application to Glassy Films and Amorphous Alloy
Formation

Consider μ θ″ + 0.5 μFo θ∋ + 0.5 Bi θ = 0 Forcing function, where θ = T/Tm
Using data for Co with applicability to the alloy films of Al-Co-Ce [8]
L for Co = 66 cal/g, Cp = 0.1 cal/gK, ρ = 8.86 gm/cc, [1/Stefan Number] = L/ρ

CpΔT= 0.042
From the discriminant of μθ″ + 0.5 μ Fo θ′ + 0.5Bi θ = 0, (Forcing function),

with μ = g/εSte
Fo2 =16 ε Ste Bi/g = 16 ε 0.04 Bi/g = 0.64 ε Bi/g
Take Bi = 0.1, and Fo = 0.2 typical values suggested in Incropera [9], then
0.04 = 0.064 ε/g, ε/g = 0.625 ε = 0.625*g,
Similar calculations may be done easily for other metals using the data in

Table 1. where ε porosity, and g = dT/dc slope of solvus line (from the appropriate
phase diagram. The metastable or mushy zone is found to be related to the slope of

Table 1 Computed Stefan numbers at fusion

Metal Latent heat Melting Pt. Tm 1/Ste Tg

Co [12] 66 1770 0.042 746
Pd [13] 38.2 1827 0.029 630
Pt [14] 24 2045 0.017 522
Ge [15] 114 1210 0.239 980
Si [16] 430 1685 0.609 1000–1473

Fig. 1 Graph of 1/Ste (abscissa) vs Tg (ordinate)
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the solvus line, and it follows that a deep eutectic would have a larger mushy zone.
From (8) the width of the boundary layer is seen to vary as μ or as 1/Ste

Results

Table 1 gives the calculated values for 1/Ste for some metals forming glassy or
amorphous alloys. From the phase diagram g can be estimated, the remelt fraction ε
is calculated as 0.625 g. This remelt controls the “mushy zone” and thus it is seen
that the properties of the mushy zone and the slope of the solvus line can control or
dissipate the thermal oscillations near the surface. In fact the formability of glassy
alloys is well known to depend on “deep eutectics” [10, 11], thus affecting the
width of the mushy zone via “g” from the analysis above. It follows that if the
mushy zone is large there is possibility for allowing homogenous nucleation in the
liquid and a glassy phase to form [17–19].

Conclusions

Figure 1 clearly shows that the glass formation of Ge and Si lie on a different trend
line as compared to the metals Co, Pd, Pt. It may be of interest to note that Ge and
Si belong to Group IVA while Co, Pd, Pt belong to VIIIB in the Periodic Table.
This particular combination of parameters. (L/ρcp) occurring in the Stefan number
also has a role to play in the overall values controlling the boundary layer or mushy
zone thickness, while the Glass formation temperature Tg is related to the viscosity
of the metal/alloy. Although the Stefan number is calculated on the basis of Fusion

Fig. 2 Graph of Tm (abscissa) vs Tg (ordinate)
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temperature, one cannot say there is a linear relation between the Tg and Tm. A plot
of these is also attached in Fig. 2. It is possible that there are two separate trends
corresponding to the group membership in the Periodic Table. It is suggested that
the groups of alloys and glass formers with similar glass forming abilities follow the
groupings of the Periodic Table.
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Study on the Formation and Control
of TiN Inclusion in Mushy Zone for High
Ti Microalloyed Steel

Tao Liu, Dengfu Chen, Wenjie He, Mujun Long, Lintao Gui,
Huamei Duan and Junsheng Cao

Abstract The coarse TiN inclusions can act as potential fracture initiation sites and
deteriorate the impact toughness of steels. The experimental observation results
indicated that CaS and TiN inclusions precipitated in solidification mushy zone.
Meanwhile, it was found that CaS inclusions could act effectively a heterogeneous
nucleation substrate for the precipitation of TiN inclusions, and the size of TiN
inclusions with CaS core was obviously larger than those TiN inclusions without
CaS core. Additionally, the thermodynamic calculation result showed that TiN
inclusions began to precipitate at the end of solidification from the dendrites front;
moreover, the preexisted CaS inclusions promoted the formation of TiN inclusions.
Decreasing sulfur and nitrogen content could significantly reduce precipitation
temperature and growth time of CaS and TiN inclusions in mushy zone. Further-
more, TiN inclusions could be prevented from precipitation at the surface of CaS
inclusions when the S content of molten steel was below 0.0008 wt%.

Keywords Coarse TiN inclusions ⋅ CaS inclusions ⋅ Mushy zone
Precipitation control

Introduction

Compared with conventional carbon steels, microalloyed steels with a excellently
combination of mechanical properties such as high strength, well toughness and
weldability have attracted considerable attention, and now this type steels have been
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considered as the promising engineering materials with wide applications [1, 2].
Those mechanical properties are significantly affected by the characteristics of the
non-metallic inclusions in steels, such as their size, shape, distribution, and com-
position. Most oxides inclusions are mainly generated during steel deoxidation
process and solidification process, but sulfide and nitride inclusions tend to form
after solidification in microalloyed steels. Coarse sulfide and nitride inclusions in
particular are detrimental to the toughness of microalloyed steels [3, 4]. Therefore,
it is necessary to modify the inclusions by adding different modifiers into the liquid
steel. Calcium treatment is widely used for oxide and sulfide inclusions modifica-
tion in Al-killed steel to lessen harmful effects and to avoid nozzle clogging in
continuous casting. However, insufficient calcium treatment will bring adverse
effects and promote the solid calcium aluminates inclusion formations which are
hard to be removed. For excessive calcium treatment, redundant calcium will react
directly with sulfur to form CaS inclusion. At the same time, the dissolved alu-
minum and sulfur in molten steel will react with excessive CaO to form
oxide-sulfur duplex inclusion, result in a large number of CaS-Al2O3 inclusions will
form in steels [5, 6]. Either way, those inclusions dispersed in the liquid steel
promote heterogeneous nucleation of sulfide and nitride inclusions during contin-
uous solidification, especially in Ti microalloyed steel.

Up to now, TiN particles are frequently used as grain refiner to inhibit prior
austenite grain growth at high temperature because of their strong high-temperature
stability and low production cost benefits [7, 8]. However, the beneficial potential
of TiN particles is usually limited under normal production because of coarse TiN
particles formation, as large as several microns, which can act as potent cleavage
initiators and deteriorate toughness [9, 10]. Meanwhile, with the wide application of
titanium microalloying technology, the surface transverse cracks tendency is
increasingly apparent during continuous casting process in Ti microalloyed steel.
which result in a severe defect and deteriorate the casting quality [11, 12]. Previous
studies [13, 14] reveal that vast coarse nitride inclusions destroy the matrix con-
tinuity, the micro-cracks initiate potentially in the interface and then propagate in
the matrix. Moreover, a universal conclusion had been drawn, which is that the
coarse TiN inclusions (several microns) are mainly generated in liquid steel or
mushy zone of solidification [9, 15].

In the present work, the solidification behavior and TiN inclusions precipitation
behavior in mushy zone of Ti microalloyed steel were studied via an in situ
observation equipment which was confocal laser scanning microscopy (CLSM).
Morphology of the inclusions and precipitations were observed using scanning
electron microscopy (SEM) and their components were analyzed by energy dis-
persive spectrometer (EDS). Moreover, the effects of chemical content and
pre-existing inclusions on the TiN inclusions precipitated in mushy zone were taken
into account simultaneously in the thermodynamic calculation.
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Experimental Procedure

The experiments of simulating the solidification process for liquid steel were carried
out in a confocal laser scanning microscopy (CLSM, VL2000DX). The detailed
schematic of CLSM has been described in previous reference [16]. The experi-
mental specimens were derived from a casting slab at room temperature and
machined into 7.5 mm in diameter and 3 mm in height, and then the observed plane
was mirror polished and cleaned ultrasonically before the experiment. The chemical
composition of the selected steel is listed in Table 1.

Firstly, the cylindrical specimens were heated from room temperature to
1538 °C by a heating rate of 5 °C/s and held 5 min at 1538 °C to ensure they melt
completely. Then the specimens were cooled fast to room temperature as a com-
pared specimen via quenching with help of helium gas. As presented in previous
research [17], the average cooling rate in the secondary cooling zone is less than
0.5 °C/s. Meanwhile, it is considered that the crack in the slab usually occurs in 1/4
location near the inner arc side. Therefore, in this study, the corresponding cooling
rate during solidification was selected as 0.45 °C/s. Thus, to simulate a same
thermal history as that in the continuous casting processes, other specimens were
heated from room temperature to melt completely and then were cooled to com-
pletely solidification with a cooling rate 0.45 °C/s, and then similarly cooled fast to
room temperature via helium gas quenching. The start and end temperature of
precipitation behavior and solidification behavior were in situ observed and
recorded during cooling process. After the in situ observation experiment, mor-
phology and distribution of the inclusions were observed and analyzed using
scanning electron microscopy (SEM) and energy dispersive spectrometer (EDS).

Results and Analysis

In Situ Observation of Solidification and Inclusions
Precipitation Behavior

The in situ observed results of liquid steel solidification and inclusions behavior
during cooling process with a cooling rate of 0.45 °C/s are shown in Fig. 1.

The observation results indicated that some spherical inclusions and irregular
inclusions initially floated on the surface of liquid steel before solidification, as
shown in Fig. 1a. The solidification process of mushy zone undergone following
stages. liquid phase L transformed initially into δ ferrite as shown in Fig. 1b, and

Table 1 Composition of steels investigated (mass fraction, wt%)

C Mn P S Si Ca Cr Ti Nb N

0.16 1.12 0.017 0.002 0.21 0.002 0.05 0.053 0.008 0.0040
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then L gradually transformed into the δ phase while the L and δ phases coexisted as
shown in Fig. 1c. The δ ferrite grains growth continuously and then covered whole
field of view when the temperature decreased to solidus temperature as shown in
Fig. 1d–f. Meanwhile, the precipitation phenomenon of other inclusions which
were different form pre-existing inclusions in liquid steel were not obviously
observed during solidification of mushy zone. However, some embossments on the
sample surface was observed to precipitate at the end of solidification from the
dendrites front, which are shown by the red ellipse in Fig. 1e, and the amount and
size of the embossments seem to increase with the continuous decrease in tem-
perature, as shown in Fig. 1f. Since the composition of pre-existing inclusions and
precipitations could not be identified in CLSM equipment, the quenching samples
of inclusions examination were prepared with standard metallographic techniques
and analyzed using scanning electron microscopy (SEM) and energy dispersive
spectrometer (EDS).

Morphology and Composition of the Inclusions

After the in situ observation experiment, through the extraction of non-metallic
inclusions in samples, it was found that the preexisted inclusions in molten steel
were mainly dominated by the oxide inclusions (Al2O3, SiO2), and TiN inclusions
was not found in samples of quenching immediately, as shown in Fig. 2a. While
many TiN inclusions were observed clearly in the simulating solidification sample.

Fig. 1 In-situ observations of solidification and inclusions precipitation behavior
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Moreover, it was also found that some TiN particles precipitated with pure TiN
composition in Fig. 2b and some complex TiN particles precipitated based on CaS
inclusions or CaS-Al2O3 inclusions as the precipitation core in Fig. 2c–d. It means
that CaS and TiN inclusions both precipitated in mushy zone, and the precipitation
of CaS during solidification was prior to the TiN precipitation. These two kinds of
TiN particle size were compared, and found that complex TiN particles size with
CaS inclusions or CaS-Al2O3 inclusions as the core was significantly larger than the
size of pure TiN particles, about lager than 1–3 μm. Since CaS or CaS-Al2O3

inclusions completely distributed in the core of TiN inclusions, and not change the
contact interface morphology between TiN inclusions and the steel matrix, and it
not alleviates the harm of TiN inclusions in mechanical properties. The angular and
regular TiN inclusions in steel weaken the continuity of matrix and resulted in
micro-crack nucleation under stress concentration during bending and straighten-
ing. Therefore, it is vital to control the formation of coarse TiN inclusions
regardless of precipitated in CaS core or without CaS core.

Fig. 2 SEM morphology and EDS results of the core and shell of inclusions: a oxide inclusions
b pure TiN inclusions c and d complex TiN inclusions
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Discussion

Thermodynamic Analysis on the Precipitation of CaS and TiN

The liquidus temperature and solidus temperature of the steel can be calculated
according to following equation [18]:

T = 1809− ∑ΔTj × w j½ � ð1Þ

where ΔTj is the temperature coefficient of j element and w[j] is the mass per-
centage of j element. The liquidus and solidus temperature of current Ti microal-
loyed steel were 1513 °C and 1463.5 °C, respectively.

The experimental observation results show that those CaS and TiN inclusions
precipitated in mushy zone. The solubility products for CaS and TiN were calcu-
lated based on the equilibrium analysis. The solubility constants for titanium nitride
and calcium sulfide were described as follows [19]:

Ti½ � + [N] = [TiN]ðsÞ ΔGθ = − 291000+ 107.91T ð2Þ

Ca½ �+ S½ �= CaS½ � sð Þ ΔGθ = − 530900+ 116.2T ð3Þ

where ΔGθ is the standard Gibbs free energy, J/mol; T is the temperature, K.
The actual change in the Gibbs free energy during the formation of TiN and CaS

can be calculated as follows:

ΔG=ΔGθ +RTln
1

fTi *w Ti½ � * fN� * w N½ � =ΔGθ −RTlnQTiN ð4Þ

ΔG = ΔGθ +RTln
1

fCa*w Ca½ �*fS*w S½ � =ΔGθ −RTlnQCaS ð5Þ

The actual concentrations of solute atoms during actual solidification process
changes due to microsegregation, which results in solute element segregation and
enrichment between the dendritic crystals [4]. It can subsequently lead to the great
segregation ratios and the concentrations continuous enhancement at the solidifi-
cation front. The segregation ratio w[j]/w[j0] of element j can be calculated for the
given cooling rate according to the Ohnaka’s equations [20]:

w j½ �
w j0½ � = 1− 1−

βk
1+ β

� �
fs

� � k − 1ð Þ ̸ 1− βk
1+ βð Þ

ð6Þ

β=
4Djτ

L2
ð7Þ
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where w j½ � is the mass fraction of solute element j at the solidification front, %; w j0½ �
is the original mass fraction of solute j in liquid region, %; k is the equilibrium
distribution coefficient of the solute element j; fs is the solid fraction; Dj is the
diffusion coefficient of solute j in solid phase, cm2/s; and τ is the local solidification
time, s; L is the secondary dendrite arm spacing, μm.

The local solidification time τ can be calculated as follow:

τ=
TL − TS
RC

ð8Þ

The secondary dendrite arm spacing L is a function of cooling rate RC (K/s),
which is obtained by the following equation [21]:

L= 148 × R− 0.38
C ð9Þ

In Ohnaka’s segregation model, the Scheil model is obtained for the limiting
case when β → 0. In the limiting case of when β → ∞, it is inconsistent with the
lever rule. Clyne and Kurz [22] proposed a modified Eq. (12) to correct β.

β′= β× ð1− exp −
1
β

� �
−

1
2
exp −

1
2β

� �
ð10Þ

In addition, the solidification front temperature TL− S of the mushy region is
obtained by the following equation [23]:

TL− S = T0 −
T0 −TL

1 − g TL −Ts

T0 −Ts

ð11Þ

where T0 is the melting point of pure iron (1809 K).
The equilibrium constant of CaS and TiN precipitation, which is only related

with the temperature TL-S of solidifying front, can be obtained as follow [24]:

KTiN = exp
ΔGθ

RT
=13.01−

35217.7
T

ð12Þ

KCaS = exp
ΔGθ

RT
=5.90−

19980
T

ð13Þ

where KTiN is the equilibrium constant of TiN; KCaS is the equilibrium constant of
CaS.

In this study, Ca, S, Ti and N concentrations change in front of the dendritic
crystals were analyzed. The variations of the equilibrium solubility products lgKTiN,
lgKCaS and the actual concentration products lgQTiN, lgQCaS with solid fraction are
calculated and shown in Fig. 3. The actual concentration products lgQTiN, lgQCaS

increased gradually during solidification. While the equilibrium solubility products
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lgKTiN, lgKCaS reduced with temperature decreasing. When the solid fraction
reached 0.56 and 0.79, CaS and TiN inclusions began to precipitate from the
dendrites, respectively. In other words, CaS precipitated before than TiN. In pre-
vious inclusions investigations, it has been observed that CaS and TiN can be form
in mushy zone during solidification.

Control of CaS and TiN Precipitation Behavior in Mushy
Zone

To control of CaS and TiN precipitation behavior in mushy zone, the effect of N
and S contents on TiN and CaS precipitation behavior during solidification were
researched. The calculation results are illustrated in Fig. 4. As shown in Fig. 4a,
initial titanium content w(Ti0) was assumed to be 0.053 wt%, the solid fraction for
the first TiN precipitation was effective delayed from 0.620 to 0.895 when nitrogen
content was decreased from 80 ppm to 20 ppm, namely, TiN inclusions would be
precipitated at lower temperature with nitrogen content decreasing. Similarly, as
shown in Fig. 4b, initial calcium content w(Ca0) was assumed to be 0.002 wt%, the
solid fraction for the first CaS precipitation was effective delayed from 0.278 to
0.795 when sulfur content was decreased from 34 to 8 ppm. Comparing the results
of precipitations between TiN and CaS, it reveals that TiN inclusions could be
prevented from precipitation at the surface of CaS inclusions when the S content of
molten steel was less than 0.0008 wt%. Meanwhile, TiN precipitation was more and

Fig. 3 Variations of equilibrium solubility products and the actual concentration products with
solid fraction increasing
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more close to the end of solidification with decreasing nitrogen content in steel, and
then effectively reduce the growth time of TiN inclusions.

Summary

(1) The experimental results show that CaS and TiN inclusions precipitate in
mushy zone of solidification for the current Ti-microalloyed steel, and complex
TiN particles size with CaS inclusions or CaS-Al2O3 inclusions as the core is
significantly greater than the size of pure TiN particles.

(2) The thermodynamic calculation shows that CaS inclusions firstly precipitated
when the solidification fraction is higher than 0.56, and TiN particles precipi-
tated when the solidification fraction is higher than 0.79 for the current
microalloyed steel.

(3) Decreasing the initial nitrogen content can effectively reduce the TiN precipi-
tation temperature, similarly, reduce the total sulfur content can also effectively
delay the precipitation of CaS inclusion during solidification.

(4) The calculation results show that initial sulfur content less than 8 ppm can
effectively prevent the TiN inclusions precipitation at the surface of CaS
inclusions.

Acknowledgements This work was financially supported by the Natural Science Foundation of
China (NSFC, project no. 51374260, 51504048 and 51611130062).

Fig. 4 Effect of N and S content on TiN and CaS precipitation during the solidification: a N
content b S content
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Additive Manufacturing of Epoxy Resin
Matrix Reinforced with Magnetic Particles

Jose J. Restrepo and Henry A. Colorado

Abstract In this research, polymer composites of epoxy resin matrix with mag-
netite particles were fabricated by additive manufacturing using the direct ink
writing (DIW) technique. Four different formulations of epoxy resin-magnetite
powders were fabricated, from which only one showed promising results regarding
the dimensional stability and finishing of the printed samples. Four formulations
were found to be feasible for the printing process, in which epoxy resin was varied
from 32.6 to 41 wt%, while the magnetite powder changed from 67.4 to 69 wt%
correspondingly. Compression tests were performed over all printed parts, com-
pressive strength mean values and ductility results are presented. In addition,
microstructural characterization was performed by scanning electron microscopy
(SEM).

Keywords Additive manufacturing ⋅ Direct ink writing (DIW)
Polymer matrix composites ⋅ Epoxy resin ⋅ Magnetite

Introduction

Additive manufacturing (AM) or 3D printing [1] is a fabrication technique in
which a part is produced from a computer 3D model [2] by aggregating (printing)
material layer by layer. The shapes are printed directly from computer aided design
(CAD) files [3]. The AM has been developed for almost all known materials, from
ceramics such as concrete [4], clays [5], biomaterials [6], composites [7, 8], and
wood [9].

J. J. Restrepo
CCComposites Laboratory, Universidad de Antioquia UdeA, Calle 70 N°. 52-21,
Medellín, Colombia

H. A. Colorado (✉)
Facultad de Ingenieria, Universidad de Antioquia, Bloque 20, Calle 67 No. 53 - 108,
Medellín, Colombia
e-mail: henry.colorado@udea.edu.co

© The Minerals, Metals & Materials Society 2018
The Minerals, Metals & Materials Society, TMS 2018 147th Annual Meeting
& Exhibition Supplemental Proceedings, The Minerals, Metals & Materials Series,
https://doi.org/10.1007/978-3-319-72526-0_58

619



Diverse additive manufacturing technologies are now available involving many
techniques and materials [3], however, the Direct Ink Writing (DIW) or robo-
casting [10, 11] technique is one of particular interest because it can be used not
only in many diverse materials and compositions, but also everywhere since the
technology and its printing raw materials are easy to produce. This investigation
contributes to this lack in additive manufacturing data for inexpensive both process
and materials, and also uses magnetite as a reinforcement with is a multifunctional
material due to its ferromagnetic, pigment, and other versatile properties few
explored in polymer matrix composites. Compressive strength, ductility and
scanning electron microscopy are presented in this research.

Experimental

Epoxy resin-magnetite composites have been used for the fabrication of samples
with additive manufacturing. The magnetite is an inexpensive commercial mag-
netite powder, less than 3USD/Kg in Colombia. The direct ink writing (DIW)
technique was used as the advance manufacturing technique, obtained from the
modification of a Maker-R 3D printer apparatus, see Fig. 1a. Samples were made of
10 mm length, 10 mm height, and 40 mm length. Figure 1b shows a typical sample
under the printing process.

Four different blends of epoxy resin and magnetite were fabricated with the
formulations summarized in Table 1. These formulations were found by trying
different combinations and printing them in the machine, thus, only for the com-
positions shown the mix was feasible to produce a stable shape sample. Therefore,
out of this compositions, if more resin is added (more than 41 wt%), the printed
sample for the involved materials will most likely collapse. On the contrary, if less

Fig. 1 a Direct ink writing machine used in this research, b detail of the printing process of epoxy
resin with magnetite powder
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resin is added (less than 33 wt%), for the printing system used in this research, the
viscosity is too high that will be not flow and thus the printing process will be not
possible.

Compression tests were performed over printed samples in a Shimadzu
AG250KN universal testing machine at 5 mm/min. Samples for compression were
obtained from printed parallelepiped samples as shown in Fig. 2. Two samples type
were tested, cube shaped samples cut longitudinally with respect the printing
direction, and cube shaped samples cut transversally with respect the printing
direction.

Results and Analysis

Figure 3 shows typical defects present in the printed samples. Pores have sizes from
50 to 500 µm, see Fig. 3a. These pores come from the processing itself, since no
vacuum processing was done, voids like micro pores naturally appear in the resin
for the mixing process and as air trapped in the ceramic powder as well. The particle
impregnation by the resin in general was found goo for all sample formations, a
typical mix epoxy resin-magnetite powder is shown in Fig. 3b.

Table 1 Formulations epoxy resin and magnetite fabricated in this research

Sample Epoxy (wt%) Magnetite (wt%)

R33_M67 32.6 67.4
R34_M66 33.6 66.4
R35_M65 35.4 64.6
R41_M59 41 59

Fig. 2 Representation of samples cut for compression tests from printed samples, longitudinal
and transversal samples
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Figure 4 shows different cracks generated during the compression tests. In
general, samples with less resin had a less catastrophic failure, while samples with
more resins showed a more intense failure.

Figure 5a shows typical stress-strain curves under compression for the
powder-resin blends fabricated in this research by direct ink writing. These curves
correspond to a ductile composite material as expected.

Figure 5b is a representation of the mean compressive strength data, with its
corresponding standard deviation, for the different samples fabricated. Each com-
position represents the summary of 6 compression tests averaging transverse and

Fig. 3 Typical defects of epoxy resin with magnetite powder in two different magnifications:
a pores at 40 × , b magnetite grains at 5000 ×

Fig. 4 Typical cracks obtained in the samples under compression loads for a R33-M67,
b R34-M66, c R35-M56, and d R41-M59
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longitudinal direction samples. Clearly, there is a maximum value in compression
in curve with a parabolic trend concave downwards, corresponding to the formu-
lation R35-M65. Also, error bars size increased as the resin content increased.

Finally, Fig. 5c is a ductility curve for the same samples under compression
loads, fabricated from the mean and standard deviation values of six compression
data per composition. From image it is observed that as the resin contents increases,
ductility decreases.

Discussion

The direct ink writing process used in this research was successful in producing the
epoxy resin with magnetite particles. Since the process was without vacuum, many
structural defect appeared, which certainly has a tremendous impact in the com-
pressive strength, ductility and other derived properties not quantified in this
investigation. However, this is not at all a negative result for two things. First, the
no vacuum means it is a super simple process able to be used elsewhere and with
low costs. Second, the compressive values were still very high, in all cases com-
pressive strength was over 20 MPa, and in the main compositions the minimum
value was near 80 MPa, which is high in structural applications, such as concrete,
where his value corresponds to a high performance concrete. Maximum values were
up to 200 MPa, which gives an idea of an optimized composition going near
300 MPa or in the mean values.

Fig. 5 Compressive strength results a typical stress-strain curves obtained under compression
test, b mean maximum compression strength, c ductile mean for samples fabricated
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On the other hand, ductility shows a trend to decrease as the resin content
increase (or as the magnetite powder decreased). This can be associated with two
factors: first, the sample porosity could be increased significantly the failure, the
crack growing of samples is accelerated with more pores under high loadings.
Second, most likely the adhesion strength of resin to particles is not good even the
impregnation is acceptable. More investigation is needed in order to quantify and
improve these results.

Conclusion

In this investigation were printed successfully epoxy resin with magnetite particles.
Upon the trying of many different composition without the use of any other
additive, four formulations were successful for the consolidation of stable printed
samples, whose results are shown here. Compressive strength and ductility had very
compressive values if these composite is used as structural material.
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Admixture Optimization in Concrete
Using Superplasticizers

Andrea Munoz, Sergio Cifuentes and Henry A. Colorado

Abstract The main goal of this paper is to optimize superplasticizer admixtures in
concrete in order to reduce the amount of Portland cement in concrete mixtures.
There are two main positive impacts of decreasing the amount of Portland cement:
first, less cement in concrete reduces the CO2 that is released into air, so it is more
environmentally friendly, and second, less cement reduces the production costs of
concrete. Two types of superplasticizers were used with different dosages of
admixture. In the first type, dosages were 0.8 and 1.0% (per weight of cement) and
in the second type they were 0.9 and 1.1% (per weight of cement). Workability,
porosity, compressive strength, granulometry and microscopy tests were conducted
for a large number of sample formulations. Compressive strength was tested after 7,
14, 21 and 28 days of curing. The results show the optimal ratio of fine and coarse
aggregate, the optimal amount of water, the optimal mixture of cement and
aggregates, and the optimal dosage of superplasticizer to increase workability and
compressive strength and reduce the cement/water ratio.
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Introduction

Additives that reduce the amount of water in concrete or super-plasticizers (SPs) are
now used extensively in order to produce high strength concrete with a low water to
cement ratio (W/C) while conserving the necessary conditions for optimum setting
and concrete compaction [1]. Most of these super-plasticizers are surfactants with a
high surface activity and reactivity due to the fact that their chemical composition
involves hydrophilic and hydrophobic groups. Super-plasticizers are high-density
molecular polymers that are soluble in water [2, 3].

There are four main types of super-plasticizers widely used in the concrete
industry: sulphonated melamine formaldehyde condensate (SMF), sulphonated
naphthalene formaldehyde condensate (SNF), modified lignosulphonates
(MLS) and lignosulphonate (LS) [4–6].

Several studies involving the effects of super-plasticizer additives on the
hydration of cement and their effects on the microstructure of cement paste have
been summarized in previous articles [7, 8]. Most of this research agrees that the
dispersive action of the SP is due to the adsorption of SP molecules onto the surface
of the hydrating cement grains during the initial hydration process. Some expla-
nations [7] are centered on the interactions between Ca ions and the anionic parts of
the polymer additives. Additives create crosslinking, which inhibits film-forming
properties and changes the crystallization parameters during the cement hardening.
The interaction between Ca(OH) and the ionic parts of the additives also plays an
important role.

It is accepted that some conventional SPs, such as sulphonated naphthalene
formaldehyde condensate (SNF) and modified lignosulphonates (MLS), are
absorbed by cement grains through the action of anionic groups (negatively
charged). These give the cement grains a negative charge and cause them to
electrostatically repel each other. Moreover, three main factors influence the
delaying effect of SPs on the cement hydration process [7]:

(a) Superplasticizer molecules already absorbed obstruct the diffusion of water and
Ca+2 ions at the cement solution interface.

(b) The Ca+2 ions produce complexes when reacting with the SP molecules, which
inhibit nucleation and precipitation of species containing Ca.

(c) The dispersive action of these admixtures alters the growth kinetics and mor-
phology of the hydration products.

The new generation of SPs centers on synthetic polymers with a base in poly-
carboxylates. These are typically from a polymerization derived process involving
acrylic (CH2=CH–COOH) and methacrylic (CH2=C(CH3)–COOH) acids. Elec-
trostatic repulsion between the cement particles also occurs with these SPs,
specifically associated to repulsion between long chain molecules of ether groups.
However, more details need to be understood about how these SPs influence the
cement paste [7–9].
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In this paper, 14 samples were fabricated using the Box-Behnken experimental
design, with three factors corresponding to two aggregates and two additives.
Diverse characterization including scanning electron microscopy (SEM) and
compression and particle-size distribution tests are also presented.

Experimental Method

Ordinary Type I Portland cement was used in this investigation, with some data
supplied by the manufacturer, Cementos Argos, summarized in Tables 1 and 2.

Two different aggregate types from the Conasfaltos S.A. company were used in
this research. Some characterization data is shown in Table 3.

Two different additives were used following ASTM C 494, which is the Stan-
dard Specification for Chemical Admixtures of concrete. Additive S1 based on
polycarboxylate was used at 0.8 wt% and 1 wt% of the cement weight, while
additive S2 based on naphthalene was used at 0.9 wt% and 1.1 wt% of the cement
weight. These additive contents were selected based on the recommendations of the
additive manufacturers.

In this research, the Box-Behnken experimental design was used, in which each
factor or independent variable is given a typical value of −1, 0, 1. Tables 4 and 5
summarize the method.

Table 1 Chemical information for cement supplied by Cementos Argos

Chemical information Argos cement data NTC 321 Tipo I ASTM C-1157

MgO, max (%) 6.00 7.00 –

SO, max (%) 3.50 3.50 –

NTC 321 is the Colombian standard based on ASTM C 150

Table 2 Physical parameters for cements

Parameters Argos
standard

NTC 121 Tipe I ASTM
C-1157

Initial settinga, lowest value (min) 45 45 45
Final settinga, maximum value (min) 420 480 420
Autoclave expansion, max (%) 0.8 0.8 0.8
Water expansionb, max (%) 0.02 – 0.02
Strength at 28 daysc, min (MPa) 26.0 24.0 28.0
Blaine, min (cm2/g) 2800 2800 –

NTC 121 is the Colombian standard based on ASTM C 150
aVicat needle tests following NTC 118 (ASTM C191)
bTests on mortar bars after 14 days following NTC 4927 (ASTM 1038)
cCompression tests on mortar cubes with standard sand following NTC 220 (ASTM C109)
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Table 3 Characteristics of the aggregates used in this research

Property Fine aggregate Coarse aggregate

Loose mass (kg/m3) 1363 1630
Compact mass (kg/m3) 1541 1693
Apparent specific weight 2.81 2.78
Fineness modulus 3.08 3.62
Organic matter content (NTC 174) 1 1
Sulfate soundness test (NTC 174) (%) 2.8 1,5
Clay lumps and friable particles in aggregate (%)
(NTC 174)

0.7 0.67

Carbon and lignite (NTC 174) 0.01 0
Alkali-silica reactivity Not harmful Not harmful
Absorption (%) 1.65 1.34

Passing sieve 75 µm (%) 2.7 6.1
NTC 174 is the Colombian standard based on ASTM C 33

Table 4 Factors of the
experimental design

Name Factors Unit −1 1

A Additive S1 % 0.8 1.0
B Additive S2 % 0.9 1.1
C Aggregate Size Fine Coarse

Table 5 Experimental
design

Sample A B C

1 1 0 1
2 −1 0 1
3 1 0 −1
4 −1 0 −1
5 0 −1 1
6 0 1 1
7 0 1 −1
8 0 −1 −1
9 0 0 1
10 0 0 −1
11 1 0 0
12 −1 0 0

13 0 1 0
14 0 −1 0
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Cubic mortar samples of 5 cm3 were made with a water to cement ratio (W/C) of
0.485, and an aggregate to cement ratio (A/C) of 2.69/1 and 2.73/1 for fine and
coarse aggregate respectively. The additives were added to the water. The samples
were cured for 7, 14, 21 and 28 days at 23 °C. After 28 days, the samples were
submerged in acetone in order to prevent a hydration reaction. Thereafter, samples
were dried for 24 h at 55 °C in a regular open furnace.

Compressive strength was tested at 7, 14, 21 and 28 days following the ASTM C
109 standard. Samples cured for 28 days were observed by scanning electron
microscopy. For SEM tests, the samples were broken so that the exposed fractured
surface could be observed and sputtered in a Hummer 6.2 system (15 mA AC for
30 s), creating a gold film approximately 1 nm thick.

Results and Discussion

Granulometry tests for the aggregates are shown in Figs. 1 and 2. The granulometry
tests show a good size distribution due to the small but continuous changes from
low to high values for both the fine and coarse aggregates.

Figures 3, 4, 5, 6 and 7 show the effect of additives on the compressive strength.
In all cases, the strength increases with an increase in additive content. As a general
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Fig. 2 Granulometry results
for coarse aggregate

Admixture Optimization in Concrete Using Superplasticizers 629



30

35

40

45

50

7 14 21 28

C
om

pr
es

si
ve

 st
re

ng
th

 (M
pa

)

Curing time (days)

Reference sample

Fine aggregate

Coarse aggregate

Fig. 3 Compressive strength
for the reference samples,
without additives

30

35

40

45

50

55

60

7 14 21 28

C
om

pr
es

si
ve

 st
re

ng
th

 (M
Pa

)

Curing time (days)

Additive S1-0.8%

Fine aggregate

Coarse aggregate

Fig. 4 Compressive strength
for samples with 0.8 wt% of
S1 additive

30

35

40

45

50

55

60

7 14 21 28

C
om

pr
es

si
ve

 st
re

ng
th

 (M
pa

)

Curing time (days)

Additive S1-1%

Fine aggregate
Coarse aggregate

Fig. 5 Compressive strength
for samples with 1.0 wt% of
S1 additive

630 A. Munoz et al.



30

35

40

45

50

7 14 21 28

C
om

pr
es

si
ve

 st
re

ng
th

 (M
pa

)

Curing time (days)

Additive S2-0.9%

Fine aggregate
Coarse aggregate

Fig. 6 Compressive strength for samples with 0.9 wt% of S2 additive

30

35

40

45

50

7 14 21 28

C
om

pr
es

si
ve

 st
re

ng
th

 (M
pa

)

Curing time (days)

Additive S2-1.1%

Fine aggregate
Coarse aggregate

Fig. 7 Compressive strength for samples with 1.1 wt% of S2 additive

Fig. 8 SEM of samples at 5000× magnification: a with coarse aggregate, b with fine aggregate
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trend, additive S1, based on polycarboxylate, produces a bigger increase in strength
than additive S2, based on naphthalene. Samples with coarse aggregate show a
better performance in terms of compressive strength when compared with fine
aggregate based samples. This increase is about 10 MPa.

SEM results are presented in Figs. 8, 9 and 10. These images reveal the presence
of tobermorite (C-S-H, C3S2H3), portlandite (CH, Ca(OH)2) and ettringite
(Ca6Al2(SO4)3(OH)12 ⋅ 26H2O) phases. Hydrated tricalcium aluminate (C3AH6)
was also observed. Additionally, some micro-cracks associated with hydration
reactions [10] can be seen in Figs. 8a and 10b.

Summary and Conclusion

The use of superplasticizer (SP) additives can significantly change the setting time
of cement paste and change other important properties. In this research, it was
shown that when using the additive S1 (based on polycarboxylate) the initial setting
time was delayed and the final setting time was increased. When using the additive

Fig. 9 SEM at 5000× magnification: a 0.8% S1 additive, b 1% S1 additive

Fig. 10 SEM at 5000× : a 0.9% S2 additive, b 1.1% S2 additive
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S2 (based on naphthalene), no changes in either setting times were detected. In
general, both additives improved workability, however, S1 showed a bigger
improvement than S2. Moreover, S1 contributes to the increase in compression
strength of the hardened cement paste, while S2 does not. Therefore, the results in
this investigation confirm that admixtures based on carboxylates produce better
properties in cements than similar admixtures based on naphthalene. The combi-
nation of these additives (SP) with processed wastes [11, 12] could be used to
reduce SP costs making this solution even more suitable for not only high technical
and massive structures but also for low volume uses.

Acknowledgements The authors wish to thank Conasfaltos S.A. for its support in this Project.
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Influence of Cold Spray
on the Microstructure and Residual Stress
of Resistance Spot Welded Steel-Mg

S. K. Shaha, B. Marzbanrad and H. Jahed

Abstract A mixture of Al2O3 and pure-Al powder was successfully deposited on
weld nugget of the spot weld dissimilar metals Mg and galvanized steel. The
cross-sectional microstructure was analyzed using SEM. Also, residual stress was
measured through hole drilling and X-ray diffraction methods. The obtained
microstructure analysis shows that mixture of Al and Fe with a continuous layer of
∼2.7 µm were observed at the interface of weld nugget/coat. At the same time,
equiaxed grains were observed near the interface. In contrast, the Zn containing
interlayer thickness of ∼14 µm with porosity was identified at the interface of the
coating on the Zn coated steel. The hardness distribution also revealed that the
interface obtained lower hardness compared to the substrate and coating. At
the same time, the residual stress also changes through thickness of the coating to
the substrate which will improve the corrosion and fatigue properties.

Keywords Resistance spot weld ⋅ Steel ⋅ Cold spray ⋅ Microstructure
Residual stress

Introduction

Transportation is one of the major sources of global air pollution. To diminish the
emission of CO2, governments around the world imposed rules to make fuel effi-
cient car. So, automotive companies are intending to decrease the weight of
vehicles where light metals and alloys are playing a great rolls. The low weight of
the vehicle causes the less fuel consumption and improve the performance of the
engine. Therefore, more and more often in vehicles’ construction, light materials are
successfully used [1–3]. Magnesium (Mg) alloys are the lightest engineering
material, and are attractive to automotive, aerospace and electronics industries for
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weight reduction purpose [4]. However, it is not always possible to use Mg alloys
for whole construction, especially in high load bearing components. This problem
can be resolved by coupling dissimilar metals. However, the difficulties to make
welding between steel and Mg alloys are essentially influenced by their differential
melting points, the limited solubility resulting in heterogeneous microstructure, and
a considerable differences in thermal and electrical conductivity between these
materials [5]. Therefore, the resistance spot welding (RSW) is the most commonly
welding processes in the automotive industries. The galvanized Zn layer on the
steel is destroyed during RSW, which reduces the corrosion resistance of the steels.
At the same time, a significant amount of residual stresses were formed during
RSW as well. The presence of residual stress enhances the fatigue crack growth
which basically reduces the fatigue performance as well [6–8]. Many researcher has
been performed the post welding heat treatment to improve the fatigue performance
[9]. However, the localized corrosion resistance is still in question.

Studies [10–18] shows that the cold spray (CS) has a potential to deposit a range
of materials on the different substrate. It can refine the microstructure which can
alter the mechanical properties. The recent study reported that the Al-Al2O3 com-
posite coatings on carbon steel exhibited higher corrosion resistance compared to
the substrate. The presence of Al formed a passive layer on the steel, which
increased the corrosion resistance [19]. At the same time, the addition of Al2O3

ceramic particles formed composite layer with higher hardness compared to the
pure-Al. Up-to-date most of the study focused on the corrosion and fatigue per-
formance of the CS on the plain substrate. However, according to the authors’
knowledge, there was no study on the effect of CS on resistance weld. Therefore, in
this study the change of microstructure and residual stress on effect of CS Al-25 wt
% Al2O3 on the nugget zone of the RSW galvanized steel were investigated.

Experimental Details

In this study, the RSWed plate of galvanized steel and Mg-alloy was collected from
the supplier and used as a substrate. Because of the research interest, the CS was
performed on the steel side. The pure-Al and 25 wt% Al2O3 powders were
mechanically mixed and used as the coating material. The CS coating was per-
formed on the weld nugget and galvanized steel in Stress Analysis laboratory of the
University of Waterloo, Waterloo, Canada, using the Supersonic Spray Tech-
nologies (SST) Series P CS system manufactured by Centerline Ltd. For the
deposition on the weld sample, the surface were polished up to 600 grid SiC emery
paper and rinse with acetone. However, for deposition on the steel substrate, the
sample was clean in ultrasonic cleaner and wash with acetone. Details about the
coating parameters can be seen in [20]. After deposition, the sample were cut
and polished following standard metallography procedure. To observe the
microstructure of the substrate, the polished samples were etched using 5% natal.
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The microstructural analysis was performed using an optical microscope and a
scanning electron microscope equipped with an Oxford EDX.

Micro Vickers hardness test was conducted on mounted and polished
cross-section samples from the coating surface into the substrate using a LECO
DM400LF micro hardness tester, with an applied load of 200 g and a holding time
of 10 s. Hardness was measured according to ASTM E384-99 at room temperature.

Residual stress measurements were performed in two methods: (1) hole-drilling
and (2) X-ray diffraction. Hole-drilling process was performed using a SINT model:
RESTAN hole drilling system (SINT Technologies, Calenzano, Italy), while the
Bruker D8 discover were used for X-ray diffraction method. Residual stress was
measured on the surface and through thickness. To measure the residual stress
along the cross section, the samples were cut, mechanically polished and finally
electro polished.

Results and Discussion

Microstructure and Micro-hardness

The SEM micrographs with an EDX line scan of the polished cross-section of the
nugget zone coated with pure-Al+Al2O3 are illustrated in Fig. 1. The maximum
coating thickness in the as-deposited condition was ∼150 µm. As seen in Fig. 1a,
the as-coated sample shows dense and almost defects free coatings processed with
nitrogen gas environment. The black spot in Fig. 1a basically the Al2O3 ceramic
particles as clearly seen in high magnification image in Fig. 1b. The EDX line
(Fig. 1d) scan near the interface (mark by red line in Fig. 1c) indicates that there
was no drastic change in the base alloying elements (Fe/Al). Instead, a gradual
change of Fe/Al designates that the interface contains a mixer of Fe and Al layer
with thickness of*- ∼2.7 µm. Wang et al. [16] reported that the HRTEM mi-
crostructure of pure-Al coating on the AZ91D Mg alloy obtained similar mixture of
Al/Mg at the interface. They recognised an amorphous interlayer zone containing
base elements of coating (Al) and substrate (Mg) which formed metallurgical
bonding during CS. Figure 2 illustrates the microstructure of the coated base metals
(galvanized steel coated with pure-Al+Al2O3). The SEM micrograph (Fig. 2a) also
show similar dense coating of pure Al reinforced with Al2O3. At the same time,
interfacial porosities were observed in the base metal coating as marked in Fig. 2b.
EDX line scan (marked in Fig. 2c) confirmed that unlike the coating at weld nugget
zone, a Zn containing inter layer with a thickness of ∼14 µm were observed
between the galvanized steel and composite coating. It is also noted that there was
no diffusion of Al into the Zn or vise versa. Instead, the Zn melted and squeezed out
which created porosity during CS.

Figure 3 shows the microstructure evolution in the weld nugget during CS and
the distribution of hardness from the coating surface to the substrate. It is well
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established that low carbon martensite are generally formed in the nugget zone of
the RSW of galvanized steels [21]. However, due to the CS, a remarkable change in
microstructure was identified at the weld nugget zone. It is seen that the interface of
the Al/steel shows very fine equiaxed grains with size of ∼10.2 µm. Increasing the
distance from the interface the grain size further increased to ∼13.38 µm. Then,
further increasing the distance, the simple ferrite/pearlite phases followed by tem-
pered martensite was observed. Hardness is on of the useful mechanical properties
which delivers valuable information about the overall mechanical behaviour of the
materials. As seen in Fig. 3, the hardness of the substrate gradually decreased near
the interface, from ∼247 to ∼187 HV, while the obtained hardness on the interface
was ∼90 HV. Then, the hardness further decreased to ∼68 HV as the distance
increased from the interface through the coating. In contrast, the hardness of the
galvanized steel substrate exhibits lower than the nugget zone while the hardness
of the coating layer is about to the same as the coating on the nugget zone.

(a) (b)
Al2O3

(c)

(d)

Fig. 1 SEM images of cross-sectioned and polished cold spray of pure-Al with 25 wt% Al2O3 on
the nugget of resistance weld of steel and Mg at a lower magnification, b–c higher magnification
and d EDX line scan

638 S. K. Shaha et al.



The changes of hardness at the nugget zone can be the effect of microstructural
changes due to work hardening near the interface of the substrate, caused by the
peening effect of CS. The impact between the particles and the surface of the
substrate generate heat along with the carrier gas temperatures, which leads to
the transformation of the low carbon martensite to equiaxed grains results a
decreased in hardness close to the surface of the substrate and near the coating [22].
However, the hardness of the coating was higher than the hardness of the CS
pure-Al (52.05 HV [11]). The hardness of the CS pure-Al+Al2O3 composite layer
coating near the interface is also higher (∼97 HV) than the typical hardness of the
bulk Al (∼37 HV [22]). The increase in hardness of the pure-Al CS coating can be
related to the presence of Al2O3 and hammering effect of coating particles during
build-up of the coating [13]. The high kinetic energy of the CS powder obtained a
remarkable plastic deformation during impact, which also causes work hardening
results the generation and interlocking of the dislocations. Thus, CS pure-Al+Al2O3

(a) (b)

(c)

(d)

PorosityPorosity

Al2O3

Galvanized Zn layer

Fig. 2 SEM images of cross-sectioned and polished cold spray of pure-Al with 25 wt% Al2O3 on
galvanized steel at a lower magnification, b–c higher magnification and d EDX line scan. Note:
porosities at the interface
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composite coating are usually projected having a dramatically higher hardness than
the bulk material [10–12, 23].

Residual Stress

Residual stresses are left behind stresses existing in the materials even when there is
no external applied load, which develop mainly due to non-equilibrium changes in
metallic component depending on the manufacturing processes like heat treatment,
casting, welding, coating etc. Residual stresses can be tensile or compressive
subjected to the location and form of changes taking place due to the variance of
cooling and heating. The residual stresses in welded joints mostly formed due to
differential weld thermal cycles (heating, soaking and cooling at any moment
during welding) obtained by the weld metal and area near to fusion zone commonly
known as heat affected zone. When the metals are heated for welding, due to
thermal expansion and the lower surrounding temperature of the base metal,
compressive residual stress is formed in the region of base metal which is being
heated for welding. After obtaining the peak temperature, the compressive residual
stress gradually drops as the heated metals starts to soften followed by melting.
When melting starts, the compressive residual stress near the matting surfaces
decrease to zero. At the same time, when metal starts to solidify, it shrinks during
cooling results the development of tensile residual stresses. The residual stresses
whether they are compressive or tensile type mainly affect the mechanical
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properties of the joints. As the nature of the residual stresses is additive, their
presence in the welds can increase or decrease the tendency of premature failures
during external loading. At the same time, the compressive residual stresses reduce
the tendency of failure during external tensile loading, since it will reduces the net
tensile stresses. In contrast, the tensile residual stress enhances the failure tendency
under external tensile stresses as more than 90% failure occurs under tensile loading
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Fig. 4 The distribution of residual stress measured using hole drilling and X-ray diffraction
methods of the cold spray of pure-Al with 25 wt% Al2O3 on nugget of resistance weld of steel and
Mg along the a on the surface and b through thickness at radial direction as shown schematically
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condition by generating and propagating the cracks. Therefore, the tensile residual
stresses are undesirable, while the compressive residual stresses are intentionally
induced by various method such as shot peening [24, 25].

As seen in Fig. 4, the residual stress distribution in the weld nugget at coated and
non-coated area, obtained via hole drilling method (HDM) and X-ray diffraction
method (XRD). It is clearly seen that in both methods (HDM, XRD), the trend of
the curves are the same. A tensile type residual stress with a magnitude of
∼+45 MPa in the surface of the weld sample was measure, which is gradually
decreased and transformed to the compressive type of residual stresses with a value
of ∼−205 MPa along the radial direction (Fig. 4a). In contrast, the coating surfaces
obtained a uniform tensile residual stress of ∼+10 MPa, which is lower than the
nugget surface residual stress. It is also notice in Fig. 4b, that the sub-surface of the
nugget obtained a higher tensile residual stress of ∼+225 MPa, which is gradually
decreased toward the heat affected zone followed by base metal. In contrast, the
obtained residual stress at the area coated with pure Al+Al2O3 is compressive in
nature. The average compressive residual stress in the coating is ∼−185 MPa.
A similar trend was reported by Ghelichi et al. [12] for the CS coatings of Al7075
on the Al5052 substrate. They concluded that higher carrier gas temperatures fading
the peening affect. Thus, tensile residual stresses were observed at the coating
surface. As discussed earlier, the presence of compressive residual in coating could
be beneficial for improving the mechanical properties and corrosion resistance as
well.

Conclusions

A composite layer of pure-Al reinforced with Al2O3 particles were successfully
deposited on the weld substrate. From the above discussion, it can be concluded
that the cold spray refined the microstructure of the substrate which basically
changes the hardness at the weld nugget. A remarkable reduction in tensile residual
stress was observed at the nugget area. At the same time, the cold spray coating
obtained a compressive residual stress of ∼−185 MPa, which may improve the
fatigue life of the weld materials. Similarly, the presence of Al layer can improve
the corrosion resistance at the nugget zone. Therefore, the fatigue and corrosion
properties of the welded sample supposed to be evaluated in future.

Acknowledgements The authors would like to gratefully acknowledge the financial support of
the Natural Sciences and Engineering Research Council of Canada (NSERC), Automotive Part-
nership Canada (APC) program under APCPJ 459269 – 13 grant with contributions from Mul-
timatic Technical Centre, Ford Motor Company, and Centerline Windsor. Authors also would like
to thank Mr. Siavash Dayani for helping in cold spray process.

642 S. K. Shaha et al.



References

1. Manzie C, Watson H, Halgamuge S (2007) Fuel economy improvements for urban driving:
hybrid vs. intelligent vehicles. Transp Res Part C Emerg Technol 15(1):1–16

2. Manzie C (2010) Relative fuel economy potential of intelligent, hybrid and intelligent-hybrid
passenger vehicles. In Electric and hybrid vehicles, pp 61–90

3. Mersky AC, Samaras C (2016) Fuel economy testing of autonomous vehicles. Transp Res
Part C Emerg Technol 65:31–48

4. Karparvarfard SMH, Shaha SK, Behravesh SB, Jahed H, Williams BW (2017) Microstruc-
ture, texture and mechanical behavior characterization of hot forged cast ZK60 magnesium
alloy. J Mater Sci Technol 33:907–918

5. Winnicki M, Małachowska A, Korzeniowski M, Jasiorski M, Baszczuk A (2017) Aluminium
to steel resistance spot welding with cold sprayed interlayer. Surf Eng 844:1–8

6. Bae DH, Sohn IS, Hong JK (2003) Assessing the effects of residual stresses on the fatigue
strength of spot welds. Weld J 82(1):18S–23S

7. Bae DH, Sohn IS, Hong JK (2003) Assessing the effects of residual stresses on the fatigue
strength of spot welds. Weld J Res Suppl 82(1):18s–23s

8. Bae JKHDH, Sohn IS (2003) Assessing effects of residual stress on the fatigue strength of
spot welds. Weld J 18–23

9. Park YS, Sohn IS, Bae DH (2014) Fatigue strength assessment including welding residual
stress of spot welded joints subjected to cross-tension loads. Int J Automot Technol 15
(5):765–771

10. Bu H, Yandouzi M, Lu C, MacDonald D, Jodoin B (2012) Cold spray blended Al+Mg17Al12
coating for corrosion protection of AZ91D magnesium alloy. Surf Coatings Technol
207:155–162

11. Diab M, Pang X, Jahed H (2017) The effect of pure aluminum cold spray coating on corrosion
and corrosion fatigue of magnesium (3% Al-1% Zn) extrusion. Surf Coatings Technol
309:423–435

12. Ghelichi R, MacDonald D, Bagherifard S, Jahed H, Guagliano M, Jodoin B (2012)
Microstructure and fatigue behavior of cold spray coated Al5052. Acta Mater 60(19):6555–
6561

13. Rokni MR, Widener CA, Crawford GA, West MK (2015) An investigation into
microstructure and mechanical properties of cold sprayed 7075 Al deposition. Mater Sci
Eng, A 625:19–27

14. Shayegan G et al (2014) Residual stress induced by cold spray coating of magnesium AZ31B
extrusion. Mater Des 60:72–84

15. Spencer K, Fabijanic DM, Zhang MX (2009) The use of Al-Al2O3 cold spray coatings to
improve the surface properties of magnesium alloys. Surf Coatings Technol 204(3):336–344

16. Wang Q, Qiu D, Xiong Y, Birbilis N, Zhang MX (2014) High resolution microstructure
characterization of the interface between cold sprayed Al coating and Mg alloy substrate.
Appl Surf Sci 289:366–369

17. Irissou E, Legoux J-G, Arsenault B, Moreau C (2007) Investigation of Al-Al2O3 cold spray
coating formation and properties. J Therm Spray Technol 16(5–6):661–668

18. Hassani-Gangaraj SM, Moridi A, Guagliano M (2015) Critical review of corrosion protection
by cold spray coatings. Surf Eng 31(11):803–815

19. Bai X, Tang J, Gong J, Lü X (2017) Corrosion performance of Al–Al2O3 cold sprayed
coatings on mild carbon steel pipe under thermal insulation. Chin J. Chem Eng 25(4):533–539

20. Dayani SB, Ghelichi R, Shaha SK, Wang JF, Jahed H (2017) The impact of Al7075 cold
spray coating on the fatigue life of AZ31B cast alloy. Surf Coatings Technol (Submitted)

21. Marashi P, Pouranvari M, Amirabdollahian S, Abedi A, Goodarzi M (2008) Microstructure
and failure behavior of dissimilar resistance spot welds between low carbon galvanized and
austenitic stainless steels. Mater Sci Eng A 480(1–2):175–180

Influence of Cold Spray on the Microstructure … 643



22. Matli PR et al (2017) Improved properties of Al–Si3N4 nanocomposites fabricated through a
microwave sintering and hot extrusion process. RSC Adv 7(55):34401–34410

23. Xiong Y, Zhang M-X (2014) The effect of cold sprayed coatings on the mechanical properties
of AZ91D magnesium alloys. Surf Coatings Technol 253:89–95

24. Leggatt RH (2008) Residual stresses in welded structures. Int J Press Vessel Pip 85(3):
144–151

25. Edition S (2003) Metallurgy second edition welding metallurgy, vol 822, no 1–3

644 S. K. Shaha et al.



Part XXV
High Entropy Alloys VI



Development of Oxidation Resistant
Refractory High Entropy Alloys for High
Temperature Applications: Recent Results
and Development Strategy

Bronislava Gorr, Franz Mueller, Hans-Juergen Christ, Hans Chen,
Alexander Kauffmann, Ruth Schweiger, Dorothée Vinga Szabó
and Martin Heilmaier

Abstract Refractory High Entropy Alloys (HEAs) can be considered as promising
materials for high temperature applications because of their high melting point and
outstanding high temperature strength. The microstructure of the equimolar alloy
Nb-Mo-Cr-Ti-Al consists of a disordered body centered cubic (BCC) phase and a
small amount of the Laves phase, while the equimolar alloy Ta-Mo-Cr-Ti-Al
exhibits the ordered B2 and several Laves phases in addition to the BCC phase. The
experimental studies reveal that these alloys possess a beneficial combination of
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high temperature strength and corrosion protectiveness. The compressive yield
stress of the alloy Nb-Mo-Cr-Ti-Al and Ta-Mo-Cr-Ti-Al at 1200 °C is determined
to 100 MPa and 200 MPa, respectively. The oxidation resistance of the alloy
Ta-Mo-Cr-Ti-Al in the temperature range between 900 and 1100 °C is comparable
to that of multi-phase Ni-based alloys. The main drawback of both alloys is their
low ductility at room temperature. Strategies for the future alloy development are
discussed.

Keywords High entropy alloys ⋅ Refractory metals ⋅ Microstructure
Mechanical properties ⋅ Oxidation resistance

Introduction

The development of high entropy alloys (HEAs) with at least 5 components based
on refractory elements has been motivated by high temperature structural appli-
cations, particularly aerospace applications. Research on these alloy systems has
been mainly driven by Senkov and co-workers [1, 2]. The main incentive has been
to develop new materials exhibiting outstanding combination of properties such as
high temperature strength, fracture toughness, ductility at room temperature (RT) as
well as fatigue and oxidation resistance. Fervent research activities conducted in the
field of HEAs during recent years indeed show substantial potential to exceed the
service temperature and/or strength of Ni-based superalloys.

Two refractory HEAs, Mo-Nb-Ta-W and Mo-Nb-Ta-V-W, show exceptionally
high values of strength that retain reasonable up to around 1700 °C [1]. The
compressive yield strength of the alloy Mo-Nb-Ta-V-W, for example, has been
determined to 842 MPa at 1000 °C, while the superalloy MAR-M 247® yields a
value of only about 350 MPa at the same temperature and applied strain rate [1].
Both refractory HEAs alloys possess a single phase BCC crystal structure.
Unfortunately, these materials show a brittle to ductile transition temperature of
around 600 °C and their densities are rather high, 12.36 and 13.75 g/cm3 for the
alloys Mo-Nb-Ta-W and Mo-Nb-Ta-V-W, respectively [1]. Thus, in the next series
of alloy development, the heavy elements W, Mo and Ta were substituted by the
lighter Ti, Hf, and Zr [3]. Though these alloys, retaining still the single BCC phase,
became significantly lighter and more ductile, their high temperature strength also
decayed substantially. For example, the alloy Hf-Nb-Ta–Ti-Zr exhibited a yield
strength of only 295 MPa at 1000 °C [3]. Remarkable ductility in compression
(ε > 50%) and even RT tensile ductility values (ε ∼ 9.7%) were detected for the
alloy Hf-Nb-Ta–Ti-Zr [4]. The addition of Cr to these refractory HEAs with
reduced density positively increases the yield strength, being e.g. 546 MPa for the
alloy Cr-Mo0.5-Nb-Ta0.5-Ti-Zr at 1000 °C, however, this was accompanied with a
simultaneous loss of ductility [5]. These converse effects of the Cr additions on
strength/ductility were attributed by the authors to the formation of the Laves phase
that is expected from the thermodynamic point of view [6, 7]. Several studies have
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clearly proven that the Laves phase is inherently brittle at lower temperatures [8, 9].
In a very recent study, Senkov et al. investigated the microstructure and mechanical
properties of the alloy Al-Mo0.5-Nb-Ta0.5-Ti-Zr [10]. This alloy consists of a
nano-scale two-phase microstructure of disordered BCC and coherent, ordered B2
phase. The alloy has an exceptionally high yield strength being superior to the
strength of Ni-based superalloys over the whole temperature range from 20 to
1200 °C. It was concluded that the two-phase BCC/B2 nano-structure of the alloy
is responsible for its high strength [10]. Furthermore, this alloy possesses sufficient
RT ductility in compression (ε ∼ 10%) [11]. Though RT tensile ductility data are
completely missing up to date, this alloy represents the first refractory HEA that
exhibits simultaneously high strength up to high temperatures and reasonable
ductility at RT.

Based on above literature survey, it can be stated that tensile ductility at ambient
temperatures of refractory HEAs seems to be the critical challenge rather than
sufficient high temperature strength. Low ductility and damage tolerance at RT as
well as poor oxidation resistance are well-known shortcomings of refractory metals
and their solid solutions in general [12]. It seems therefore a reasonable strategy to
search the available literature for potentially ductilizing elements that enhance the
RT ductility of refractory elements and refractory metal-based alloys. A first
remarkable effect of Re addition on mechanical properties of Mo and W was
presented at the Second Plansee Seminar in 1955 already. Geach and Hughes
reported that Mo alloyed with 35 at.% Re could be directly cold-rolled in the as-cast
condition to reductions of 90% without cracking. The authors explained this
behavior by the fact that (coarse) twinning substantially contributed to the overall
amount of deformation [13]. Later, Jaffe et al. investigated the effect of Re on the
mechanical properties of Mo at room and elevated temperatures. They found that up
to 20 at.% Re increased the strength but decreased the (tensile) ductility, while
higher Re concentration up to 35 at.% increase both, the tensile strength and the
ductility of the alloy at RT [14]. Leichtfried et al. investigated in the most recent
study the mechanical properties of powder-metallurgically processed binary
Mo-Re-alloys ranging from 5 to 47.5 wt% and concluded that the mechanical
properties as determined by impact and low-temperature bend testing were
improved essentially in a monotonic way with increasing Re concentration [15].

Similar findings can be stated for the effect of Re in W-based alloys [16]. Klopp
et al. found that the W-Re-alloys with high Re contents (Re addition up to 25.6 at.%),
which deform initially by twinning, were only slightly more ductile than the dilute
alloys (up to 9.05 at.%) which deform entirely by dislocation slip [16]. It should
however be noted that the alloy chemistry, in particular the purity, and the mi-
crostructure, e.g. the grain size, also have an important impact on alloy ductility [16].
Further, the mechanical properties of Cr have been found to be affected extremely
sensitively by Re additions. Generally, Re additions induce solid-solution
strengthening of Cr involving a significant increase in the ductile-brittle transition
temperature at Re concentrations up to about 10 at.%. This was followed, though, by
a dramatic decrease of the ductile-brittle transition temperature at higher Re con-
centrations [17].
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In this paper, the most relevant experimental results on microstructure, me-
chanical properties and high temperature oxidation behavior of the alloys
Nb-Mo-Cr-Ti-Al and Ta-Mo-Cr-Ti-Al will be summarized and discussed in terms
of their perspectives and shortcomings. Based on the current experimental obser-
vations, the strategy for the future alloy development will be presented.

Experimental Procedures

The alloys Nb-Mo-Cr-Ti-Al and Ta-Mo-Cr-Ti-Al were produced from elemental
bulk materials by arc-melting in ∼0.6 atm of argon (arc-melter AM 0.5 by Edmund
Bühler GmbH). The purities of the starting materials Ta, Mo, Nb, Al were all
99.9%, whereas Cr and Ti had a purity of 99% and 99.8%, respectively. In the
alloys, nitrogen impurities were found to be below the detection limit of 5–10 wt.
ppm, oxygen content was measured being between 50 and 100 wt. ppm. The
prepared buttons were flipped over and remelted more than five times in a
water-chilled copper mold to facilitate alloy homogenization. The analysis of
nitrogen and oxygen impurities was carried out after the remelting. The alloy
microstructure was analyzed by means of a dual beam system Scanning Electron
Microscope and Focused Ion Beam (SEM/FIB) of type FEI Helios Nanolab 600 as
well a Zeiss Auriga. X-ray diffraction (XRD) measurements were carried out using
the X’Pert Pro MPD diffractometer operating in Bragg-Brentano geometry. In order
to characterize the microstructures of the alloy Ta-Mo-Cr-Ti-Al, an aberration-
corrected (image) transmission electron microscopy (TEM) FEI Titan 80–300 (FEI,
Eindhoven) operated at 300 kV and equipped with field emission gun and a Gatan
Ultrascan CCD camera (Gatan Inc., Pleasanton, CA) was employed. Quasistatic
compression tests were performed at an initial engineering strain rate of 10−3 s−1

utilizing a Zwick Z100 electromechanical universal testing machine equipped with
a vacuum furnace by Maytec. The details of the compression test performance are
given in Ref. [18]. Oxidation experiments were carried out in static laboratory air in
the temperature range between 900 and 1100 °C. Detailed sample preparation
procedures as well as detailed description of oxidation tests can be found elsewhere
[19].

Experimental Results: Microstructure, Mechanical
Properties and Oxidation Behavior of the Alloy System
X-Mo-Cr-Ti-Al (X = Nb, Ta)

A new equimolar alloy system X-Mo-Cr-Ti-Al (X = Nb, Ta) has been proposed as
a promising HEA candidate for applications at high temperatures. The alloys should
possess the following property combination: (i) a melting point exceeding those of
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Ni-based superalloys by at least 200 K, (ii) superior long-term high temperature
strength, (iii) oxidation protectiveness at temperatures of at least 1100 °C, and (iv) a
density of less than 9 g/cm3. With respect to the first and second requirements, it
seems reasonable that Mo, Nb and Ta can be considered as prime candidates for the
new alloy system. Unfortunately, all these refractory elements show a very poor
high temperature oxidation resistance, being prone to so-called catastrophic oxi-
dation due to the formation of volatile or solid, non-protective oxides [20]. In order
to potentially enable the formation of a protective oxide scale on the metallic
surface and, consequently, to ensure the alloy protectiveness, Al and Cr have been
added to refractory elements. Both elements, Al and Cr, are essential in promoting
the formation of an alumina layer that maintains its protective properties also at
temperatures above 1000 °C [21]. In terms of high temperature oxidation, Cr
effectively supports the formation of a continuous alumina scale in many
alumina-former high temperature alloys [21]. The high density, which is typical of
most refractory metals, is undesirable for many practical applications. In order to
reduce the density of the new alloy system, Ti has also been added (besides the
already mentioned Al).

Figures 1a, b show the microstructures of the alloys Nb-Mo-Cr-Ti-Al and
Ta-Mo-Cr-Ti-Al after heat treatment at 1300 °C for 20 h. Experimental results
reveal that the alloy Nb-Mo-Cr-Ti-Al after heat treatment (designated as 0 h in
Fig. 2a) consists of a disordered BCC-matrix, and a small amount of the
Laves-phase Cr2Nb (C14, hexagonal, <0.5% by volume) located predominantly at
grain boundaries (see Fig. 1a). A subsequent heat treatment at 1000 °C for 24 and
72 h leads to the formation of an additional (minor) intermetallic phase Al(Mo,
Nb)3 (A15, cubic), see XRD pattern in Fig. 2a designated as 24 and 72 h. Instead,
the alloy Ta-Mo-Cr-Ti-Al seems to consist of a phase mixture of a BCC-matrix and
its ordered B2-counterpart after heat treatment at 1300 °C for 20 h. However, three
Laves-phases, C14, C15 and C36, were also identified (see Fig. 1b and XRD
pattern designated as 0 h in Fig. 2b). A subsequent heat treatment of the alloy
Ta-Mo-Cr-Ti-Al at 1000 °C does not cause formation of any new phases (XRD, cf.
the patterns designated as 24 and 72 h in Fig. 2b). Heat treatment of the alloy
Ta-Mo-Cr-Ti-Al performed at 1500 °C reveals, in contrast, only a negligibly small
amount of Laves phase precipitated at grain boundaries whereas the grain interior
showed no phase contrast (see Fig. 1c).

In order to identify which phases form in the matrix of the alloy Ta-Mo-Cr-Ti-Al
at 1500 °C for 20 h, TEM analysis was carried out. Obviously, the heat treatment at
1500 °C amplifies the formation of the ordered B2 phase which seems to precipitate
at nano-scale in the BCC matrix, see the respective TEM diffraction pattern (left)
and dark field micrograph (right) in Fig. 3. The sample was prepared by FIB
subsequent to orientation determination by electron backscatter diffraction (EBSD)
in order to adjust a [110] zone axis. B2 super lattice reflections can be easily
recognized—additional spots at higher reflection orders are attributed to the Pt
protection layer which was deposited prior to the FIB lift-out. Dark field imaging
using one of the super lattice reflections, namely (300), reveals spatial irregularities
of the ordering. Quantitative analysis of these irregularities is yet difficult to be
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performed due to massive internal stress and distortion of the TEM lamella, but the
micrograph is clearly indicative for a large amount of nano-scaled B2 phase
inherent in the microstructure.

In order to evaluate the potential of the alloys Nb-Mo-Cr-Ti-Al and
Ta-Mo-Cr-Ti-Al regarding mechanical properties at temperatures ranging from RT
to 1200 °C, compression tests were performed on bulk samples at a strain rate of
10−3 s−1. At room temperature, linear elastic behavior without significant plastic
deformation was observed for the alloy Nb-Mo-Cr-Ti-Al. In order to clarify whe-
ther the matrix, i.e. BCC-phase in the alloy Nb-Mo-Cr-Ti-Al, yields inherently
brittle behavior, nanoindentation measurements were carried out at room and ele-
vated temperature. Figures 4a, b show exemplarily SEM-micrographs of a hardness
indentation conducted on the BCC-matrix at RT, but essentially the same behavior
was also observed for temperatures up to 400 °C. Obviously, the BCC-matrix
develops no cracks on indentation—independent of the grain orientation which was

40 μm

10 μm

(a)

(c)

(b)

Fig. 1 BSE-image of the microstructure of the refractory HEAs, a Nb-Mo-Cr-Ti-Al after heat
treatment at 1300 °C for 20 h [18], b Ta-Mo-Cr-Ti-Al (heat treatment at 1300 °C for 20 h) and
c Ta-Mo-Cr-Ti-Al (heat treatment at 1500 °C for 20 h)
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probed. Rather, pronounced slip bands are clearly visible near the indent suggesting
a potentially ductile dislocation mediated plastic deformation of the BCC-matrix. It
is, thus, more likely that the brittle behavior of the bulk samples can be attributed to
the presence of the Al(Nb, Mo)3 and Laves-phase at the grain boundaries. Figure 4c
shows the compressive stress-strain diagram for the alloy Nb-Mo-Cr-Ti-Al at 800,
1000 and 1200 °C. First indications of plastic deformation were noted for the alloy
Nb-Mo-Cr-Ti-Al at 400 °C (not shown here). At 800 °C, yield stress of 980 MPa
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Fig. 2 XRD patterns of the HEAs Nb-Mo-Cr-Ti-Al and Ta-Mo-Cr-Ti-Al after heat treatment at
1300 °C for 20 h (designated as 0 h) and additional heat treatment at 1000 °C for 24 and 72 h
(designated as 24 and 72 h); a Nb-Mo-Cr-Ti-Al and b Ta-Mo-Cr-Ti-Al
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was detected and significant plastic deformability with a clear indication of strain
hardening was observed before eventual failure at around 13%. At even higher
temperatures, dislocation-driven plasticity without indication of internal cracking
was reached; at 1200 °C the yield stress drops to 100 MPa [18]. Generally, yield
stresses are found to be lower as compared to Senkov’s Al-containing HEAs [10].
As discussed above, the combination of BCC/B2-phases building a coherent or
semi-coherent nano-scale microstructure shows promise for a higher strength at
elevated temperatures [10]. Hence, the alloy Ta-Mo-Cr-Ti-Al in the condition after
a heat treatment after 1500 °C for 20 h (see Figs. 1c and 3) may be considered as a
proof of concept with a yield stress value of nearly 200 MPa at 1200 °C (not shown
here). Even at 1400 °C, the alloy Ta-Mo-Cr-Ti-Al shows notable yield stress of
70 MPa. At RT, the alloy Ta-Mo-Cr-Ti-Al exhibits, however, brittle behavior.

In general, alloys containing a relatively high amount of refractory metals
possess poor oxidation resistance as elements such as Mo, Nb or Ta tend to form
volatile oxides often causing a fast disintegration of the alloy [20]. The results on
the oxidation resistance of the alloy Nb-Mo-Cr-Ti-Al at high temperature have been
published in [19, 22]. The alloy oxidizes according to the linear rate law, however,
the oxidation rates are rather low. For example, after 48 h of oxidation at 1100 °C,
a mass gain of only 8 mg/cm2 was measured. A discontinuous alumina layer was
detected on the alloy substrate. The addition of minor amounts of Si seems to
improve the oxidation resistance of the alloy by further lowering the oxidation rates
and by supporting the formation of a continuous protective alumina scale [19].

Figure 5a shows thermogravimetric curves of the alloy Ta-Mo-Cr-Ti-Al during
exposure to air at high temperatures. Obviously, this alloy oxidizes according to the
parabolic rate law indicating the formation of a fully protective oxide layer. This is

Fig. 3 TEM diffraction pattern and dark field micrograph of the alloy Ta-Mo-Cr-Ti-Al after
annealing at 1500 °C for 20 h
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because underneath coarse particles of rutile, a thin and continuous alumina scale
(see Fig. 5b) was observed. Despite the high amount of refractory metals, the alloy
Ta-Mo-Cr-Ti-Al exhibits oxidation rates that are comparable to those of Ni-based
alloys (see Fig. 5c) [23]. The very good oxidation resistance of the alloy
Ta-Mo-Cr-Ti-Al can apparently be attributed to the presence of both elements Cr
and Al.

Development Strategy

The relevant properties of two refractory equimolar HEAs, Nb-Mo-Cr-Ti-Al and
Ta-Mo-Cr-Ti-Al, have been screened and it can be concluded that these materials
show substantial potential for high temperature applications. The first preliminary

                     
10 μm 2 μm

(a)

(c)

(b)

Fig. 4 a Hardness indentation in the BCC-matrix of the alloy Nb-Mo-Cr-Ti-Al at RT, b Enlarged
view of the box shown in a, c stress-strain dependence of quasistatic compression tests with a
strain rate of 10−3 s−1 of the alloy Nb-Mo-Cr-Ti-Al at 800, 1000 and 1200 °C [18]. Fracture is
highlighted by “X”. Arrows indicate tests deliberately stopped (without failure)
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results on the mechanical properties of the alloys at room and elevated temperatures
show potentials with respect to the high temperature strength, while the
low-temperature ductility should be significantly improved. In terms of high tem-
perature oxidation behavior, both refractory metal-based alloys, Nb-Mo-Cr-Ti-Al
and Ta-Mo-Cr-Ti-Al, exhibit good to even excellent oxidation resistance. The
prime aim of the further alloy development is the successive improvement of
mechanical properties of these alloys. The alloy development will be particularly
focused on the improvement of low-temperature ductility and high temperature
strength while keeping the oxidation resistance on the level already established for
the Ta-system (Fig. 5). To improve mechanical properties, three strategies will be
pursued in three subsequent steps: (i) the formation of the inherently brittle phases
should be suppressed, (ii) a two-phase microstructure with a substantial amount of
the second strengthening phase should be established and (iii) the alloy matrix
should provide sufficient intrinsic RT ductility.

The first approach primarily aims at the increase of the alloy’s intrinsic ductility.
This goal will be realized by suppressing the formation of the Laves-phase. Starting
from the equimolar alloy composition, the chromium concentration will be pro-
gressively reduced related to the concentration of other elements. As mentioned

(a)

(c)

(b)

Fig. 5 Oxidation behavior of the alloy Ta-Mo-Cr-Ti-Al in air at high temperatures; a Thermo-
gravimetric curves, b Cross-section after 48 h oxidation at 1000 °C and c Oxidation constants of
the alloy Ta-Mo-Cr-Ti-Al compared to those of Ni-base alloys after [23]
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above, to eliminate Cr entirely seems to be not reasonable because Cr facilitates the
formation of the protective alumina scale. The aim is, therefore, to find a suitable
balance in the Cr concentration which ensures that Laves-phase will not form on the
one hand and the formation of the alumina scale is still possible on the other hand.

The second strategy focuses on an enhancement of the high temperature strength
to achieve the level of other refractory HEAs exhibiting two-phase microstructures
[10]. Following this approach, the formation of BCC and B2 two-phase mi-
crostructure with (preferentially) coherent phase boundaries will be aimed. As
shown above, BCC is the major phase in the alloy Nb-Mo-Cr-Ti-Al, while the alloy
Ta-Mo-Cr-Ti-Al contains a significant amount of the B2 phase. Through varying
the Nb/Ta ratio in a new alloy series Nb-Ta-Mo-Cr-Ti-Al, the formation of both,
BCC and B2 phases, is to be expected. Due to different Nb/Ta ratios, the fraction of
the B2 phase should be controlled.

The third concept aims at further ductilizing the alloy matrix, i.e. the BCC phase,
at RT. This will be done by Re addition. The positive impact of Re on ductility of
refractory elements was confirmed for several alloy systems as discussed in
Introduction. To explore the effect of Re on alloy ductility fundamentally, we will
start with alloys Nb-Mo-Cr-Ti-Al and Ta-Mo-Cr-Ti-Al with decreased Cr con-
centrations, i.e. without Laves phases. Initially, the Re-concentration will be set
equal to those of Nb/Ta, Mo, Ti and Al and then gradually decreased to identify the
minimal Re-content required to reasonably improve the RT ductility.

In order to establish the fundamental understanding of the alloy behavior, the
main attention in our future investigations will be paid on the establishment of the
correlation between the alloy chemical composition and its microstructure as well
as between the alloy composition/microstructure and its mechanical properties.

Summary

Based on recent experimental results, the following conclusions can be drawn in
terms of a potential use of the alloy system X-Mo-Cr-Ti-Al (X = Nb, Ta) for high
temperature structural applications:

• The microstructure of the alloy Nb-Mo-Cr-Ti-Al consists of a disordered
BCC-matrix, and a small amount of minor phases, Cr2Nb (C14, hexagonal) and
Al(Mo, Nb)3 (A15, cubic). The alloy Ta-Mo-Cr-Ti-Al consists of a mixture of
BCC phase, the ordered B2 phase and three Laves-phases.

• The mechanical properties of the alloys Nb-Mo-Cr-Ti-Al and Ta-Mo-Cr-Ti-Al
show perspectives, however, they should be significantly improved to satisfy
requirements of high temperature applications. In particular, the alloys show
reasonable values of high temperature strength, while the low-temperature
ductility has to be enhanced significantly. It seems that the Laves-phase(s)
contribute(s) to the unacceptable brittleness of the alloys at low-temperatures;
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the B2-phase may have, in contrary, a positive effect on high temperature
strength.

• Both alloys, Ta-Mo-Cr-Ti-Al in particular, show a surprisingly high level of
oxidation resistance at high temperatures due to the formation of a protective
alumina scale.

To improve the RT ductiliy, following strategies will be pursued: (i) the for-
mation of the brittle Laves phase will be suppressed by lowering the Cr concen-
tration, (ii) a two-phase microstructure with the second strengthening phase B2
should be established and (iii) a sufficient ductility at room temperature will be
provided by addition of potentially ductilizing elements such as Re.
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First-Principles Calculations of Stacking
Fault Energies in Quinary High-Entropy
Alloy Systems

A. M. Scheer, J. D. Strother and C. Z. Hargather

Abstract High entropy alloys (HEAs) are composed of equal or nearly equal
quantities of five or more metals that solidify into a single, or sometimes dual, solid
solution phase. Due to improved properties in high-temperature and high-stress
applications, HEAs have the potential to replace traditional alloy systems in future
engineering applications, such as turbine blades and thermal spray coatings. In the
present work, first-principle calculations based on density functional theory are
used to calculate and rank the stacking fault energies of several quinary HEA
systems in order to better understand the slip and deformation behavior of HEA
systems. Special quasirandom structures are used to represent the single solid
solution with a finite number of atoms and calculations are performed in the Vienna
ab initio simulation package within the generalized gradient approximation as
implemented by Perdew, Burke, and Ernzerhof. Stacking fault energy calculations
are based on the difference between the ground state energy of the perfect HEA
structure and the ground state energy of a faulted HEA structure. To validate the
calculations, results are compared to experimental data, such as lattice parameter
and formation energy, for well-studied HEA system.

Keywords High entropy alloys ⋅ FCC ⋅ Stacking fault energy
Density functional theory

Introduction

High Entropy Alloys (HEAs) are unique alloys composed of equal or nearly equal
quantities of five or more metals in a single phase or dual phase solid solution [1].
HEAs are a relatively new class of materials and have drawn a considerable amount
of attention due to the potential possibility to replace traditional engineering alloy
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systems in various applications [1]. The promising qualities of HEAs are: higher
resistance to fracture, corrosion and oxidation, and improved ratios between
mechanical properties (ductility, strength, and toughness) and weight when com-
pared to conventional alloy systems such as the GTD-111 Ni-base superalloy used
as advanced turbine blades [2] and Nitinol (memory shape alloy) used a variety of
medical applications [3].

Stacking Fault Energy (SFE) is a critical concept when designing alloys because
it is an indicator of the predominant plastic deformation mechanism available in a
given HEA system [1]. HEAs containing a high SFE tend to deform by the glide
mechanism with minimal transformation and then into partial dislocations, while
alloys with low SFE deform by decomposing into partial dislocations more easily
[1]. HEAs have the potential to replace traditional alloys because of their improved
mechanical properties and potential formability. Being able to calculate and predict
the SFE of more face centered cubic (FCC) HEAs will lead to trailblazing
knowledge of the failure mechanisms of FCC HEAs.

In order to effectively establish HEAs in engineering alloy applications, creep
rates have to be researched and understood. Creep is time-dependent deformation
that occurs when temperature and stress remain constant and alloys are in service at
elevated temperatures. When creep failure occurs, it is inelastic and irrecoverable
[4, 5]. As previously suggested by McLean in 1962 [6], Weertman in 1965 [7], and
Barrett and Sherby in 1965 [8], the majority of secondary creep rate models depend
on the SFE of the material. Generating computational SFE of FCC HEA systems is
an efficient method to get one piece of the puzzle for establishing creep knowledge
of HEAs for potential use in engineering alloy applications.

Efficient computational methods for understanding deformation behavior of
HEAs have been established in the literature. As first seen in the work of Zaddach
et al. [9] density functional theory (DFT) combined with special quasirandom
structures (SQS) can be used to obtain the ground state energy of an HEA system.
Zaddach et al. [9] also revealed, by studying binary to quinary HEAs experimen-
tally and computationally, that as more elements are added to a system the SFE
decreases. Zhang et al. [10] concluded that for ternary and quaternary FCC HEAs,
the stacking fault energy can be tuned as a result of local atomic temperature and
environment, the origin of negative stacking fault energy in HCP systems, and
lattice distortion.

The present work focuses on using first-principles calculations for computational
analysis of equiatomic FCC high entropy alloys. The HEA systems investigated
are: FeCrCoNiMn, FeCrCoNiCu, and FeCrCoNiAl. The stacking fault energy is
calculated for quinary systems directly, and will also be analyzed as an average of
the SFE in all constituent ternary systems to investigate if a less computationally
expensive option is feasible.
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Methodology

The HEA systems studied in the present work are single FCC solid solutions, with
equiatomic compositions of the FeCrCoNiMn, FeCrCoNiCu, and FeCrCoNiAl
alloys. To represent the single FCC solid solution phase, special quasirandom
structures (SQS) are employed [11]. SQSs are created to simulate random disper-
sion of atom types within the crystal structure using a finite number of atoms. This
is done by mimicking the pair correlation functions and bonding behavior of a truly
random solid solutions for the first several nearest neighbor shells [1, 12]. In the
present work, the atomic positions for 20-atom quinary SQS structure are taken
from Gao et al. [1] and Zaddach et al. [9]. The atomic positions for an equiatomic
24-atom ternary SQS structure are taken from Shin et al. [13].

To find the ground state energy of the necessary atomic configurations, in the
present work, first-principles calculations based on density functional theory are
performed using Vienna ab initio simulation package (VASP) [14]. Calculations are
based on the use of the projector augmented wave [15] and generalized gradient
approximation as executed by Perdew et al. [16]. The energy cut-off for the plane
wave is set to 350 eV, which is about 1.3 times that of the maximum default plane
wave cutoff among elements considered, and the SQS structures are
non-spin-polarized. During VASP calculations, a combination of the
Methfessel-Paxton smearing and Blöchl methods are used. Methfessel-Paxton
smearing method [17] computes the forces acting on the atoms. When combined
with the linear tetrahedral method in Blöchl’s correction for a final single point
calculation, an accurate total energy calculation is obtained [18]. Total energy
convergence was set to at least 0.5 meV/atom and all degrees of freedom are
allowed to relax during calculations. The structures were checked upon completion
to ensure the FCC SQS structure was still intact. A gamma-centered k-point mesh
of 4 × 7 × 7 is employed.

Three separate sets of quinary 20-atom HEA systems are considered in the
present work: FeCrCoNiMn, FeCrCoNiCu, and FeCrCoNiAl. Six 24-atom con-
stituent ternary systems, FeCrCo, CrCoNi, CoNiMn…etc., are also considered.
Stacking faults are induced in both the 20-atom quinary and 24-atom ternary sys-
tems such that the standard ABCABCABC stacking sequence becomes
ABCABCBCAB, where the fault is shown in bold type font. The ground state
energies of all systems considered are then calculated using VASP.

To calculate intrinsic SFE in the quinary HEA systems, γisf the difference of total
energies from two different SQS configurations are taken following Eq. 1 [10],

γisf =
Eisf −E0

S0
ð1Þ

where Eisf describes the energy of the faulted cell found in the manner is described
above, E0 represents the energy of the primitive cell, and S0 is the area of the
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stacking fault. Equation 1 is applied to the quinary SQS structures: FeCrCoNiMn,
FeCrCoNiCu, and FeCrCoNiAl.

The SFEs of the 3 HEA systems are also calculated by averaging the SFE of
each of the six constituent ternary systems. A stacking fault in each of the six
constituent ternary systems is induced and the SFE for the ternary HEA is calcu-
lated following Eq. 2:

γisfaverage =

Eisf −E0

S0

� �
ABC

+ Eisf −E0

S0

� �
BCA

+ Eisf −E0

S0

� �
CAB

. . . etc.
h i

6
ð2Þ

where γisf is the average ternary SFE, Eisf is the energy of the faulted cell found for
the individual ternary system, E0 represents the energy of the individual primitive
cell, and S0 is the individual area of the stacking fault.

Results and Discussion

Before calculating the SFE in HEA systems, the possibility of atomic configuration
affecting the ground state energy of the SQS cell is investigated. This was done to
ensure that specific pairs or triplets of atoms that were formed within the SQS did
not have a significant impact on the ground state energy of the system, which would
require additional consideration when calculating the SFEs. Fourteen atomically
randomized 20-atom SQS configurations (i.e. AAAABBBBCCCCDDDDEEEE,
BBBBCCCCDDDDEEEEAAAA) are considered for the FeCrCoNiMn FCC HEA,
where A = Fe, Cr = B, Co = C, etc. The ground state energies are then calculated
to understand the behavior of the configuration and their effect on the energy
values. Figure 1 represents the data from the investigation of the atomic

Fig. 1 Energy versus volume based on present data from fourteen different atomic position
configurations

664 A. M. Scheer et al.



configuration on ground state energy of the system. The ground state energy of each
SQS configuration is plotted versus the volume in Å3 of the cell.

Table 1 establishes a statistical analysis based on the energy values calculated
from the fourteen different SQS structures that were presented in Fig. 1. The results
show that the average energy per atom of the SQS structures, regardless of atomic
configuration, was −7.75 eV/atom, with an extremely tight standard deviation. The
statistics in Table 1 lead us to the conclusion that the atomic position of the atoms
in the SQS does not significantly affect the results.

To validate the idea that SQSs can be used to accurately represent experimen-
tally investigated HEAs, the lattice parameters from the 14 configurations calculates
in the present work are averaged and compared to known values in literature.
Table 2 specifies that the average lattice parameter calculated in the present work
agree with about 1% error of published values from previously calculated values [1]
and within 3% difference from experiments which either cast or milled the
FeCrCoNiMn HEA [9]. The differences in the lattice parameters calculated in the
present work and previously calculated values from Zaddach et al. [9] could be due
to a different treatment of the 3p electrons in Fe, Cr, and Mn from Zaddach’s work,
and that the present work achieved an additional order of magnitude of energy
convergence.

So far, the present work shows that atomic positioning of the atoms does not
affect the energy of the system and established a process for obtaining the ground
state energy and lattice parameter of quinary SQS HEA systems. The next steps are
to apply this methodology to calculate the ground state energy for the faulted and
pristine FeCrCoNiMn, FeCrCoNiAl, and FeCrCoNiCu systems. Upon completion
of the calculations, the SFE energy will be calculated in two different ways fol-
lowing Eqs. 1 and 2 presented in the methodology section. It is expected that the
calculated SFEs will be similar regardless of the calculation method, and that the
less computationally expensive technique can be used to report the SFE in a wide
variety of equiatomic HEA systems, including higher order systems that are cur-
rently computationally prohibitive to study. The complete results from this study
will be presented at the 2018 TMS annual meeting associated with this manuscript.

Table 1 Statistics of ground
state energy from fourteen
different SQS configuration
calculations

Mean energy per atom (eV) −7.75
Standard deviation 0.00568
Range (eV) 0.0203

Table 2 Comparison of
lattice parameters of the
FeCrCoNiMn SQS to known
experimental and calculated
values in the literature [1, 9]

Lattice parameter Reference %diff.

3.50 This work –

3.54 VASP + SQS [9] 1.11
3.624 Milled [9] 3.11

3.597 Cast [9] 2.70
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Conclusion

High entropy alloys have the potential to replace traditional alloy systems in future
engineering applications such as turbine blades and thermal spray coatings due to
their improved properties in high-temperature and high-stress applications. In the
present work, an investigation into atomic configuration and the lattice parameter of
the FeCrCoNiMn system has been completed. The quinary 20-atom SQS
FeCrCoNiMn HEA analysis shows that an ordering of the atom types does not
change the ground energy value of the system. This finding helps eliminate
redundant possibilities when setting up HEA atomic configurations as well as
confirms a process for calculating ground state energy of a HEA system represented
using SQS. By implementing VASP + SQS methodology described in the present
work, the SFE energy in various HEA systems will be calculated following the two
methods described above.
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Synthesis of FeCrVNbMn High Entropy
Alloy by Mechanical Alloying and Study
of their Microstructure and Mechanical
Properties

P. Ajay Kumar and Chandra S. Perugu

Abstract Traditional alloys are designed on the basis of one or more majority of
materials which is Fe-based, Ni-based, and Co-based super alloy for mechanical
properties enhancement but results with poor ductility at room temperature. New
alloy design of materials requires more alloying elements for improving the
material properties consistently. High entropy alloy consists of at least five principal
elements with the concentration of each material between 5 and 35 at.% on the basis
of maximum configurational entropy at equi-atomic composition with more stable
than intermetallic at elevated temperatures. In this paper, FeCrNbVMn alloy phase
formed by mechanical alloying. The mechanically alloyed powders were subse-
quently consolidated by cold pressing and sintered in tube furnace. Analysis of
microstructure and mechanical properties were carried out with the help of XRD,
SEM, TEM and nanoindetation tests. The bulk sample showed hardness of
∼19 GPa at nano scale.

Keywords High entropy alloys (HEA) ⋅ Mechanical alloying
Scanning electron microscopy (SEM) ⋅ Transmission electron microscopy (TEM)

Introduction

J. W. Yeh introduced the new concept of materials with multicomponent in
equi-atomic proportions and these are called as high entropy alloys [1]. High
entropy alloys are defined as the ones that possess high configurational entropy and
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these materials could easily be formed in a multi-component system containing
equi-atomic concentration of all the elements. HEA contains at least five principal
elements with the concentration of each element being between 5 and 35 at.%. The
principle behind this is that the configurational entropy is maximum at equiatomic
composition and it increases with increase in the number of elements in the system.
This configurational entropy is maximized to form a simple solid solution rather
than an intermetallic. Solid solutions with multicomponent elements have been
more stable than intermetallic compounds at elevated temperatures due to their
large entropy of mixing. Mechanical alloying (MA) is a non-equilibrium process to
get a homogenous mixing of alloy compositions in multicomponent system as
compared to conventional casting process. It was reported that the solid solubility of
mutual soluble components can be increased and supersaturated solid solutions can
be prepared by mechanical alloying [2–4]. For insoluble systems, alloys with a
degree of solid solubility can be formed under high-energy collision. Thus, powder
metallurgy is a promising technique not only for the basic research but also for the
industrial application of HEAs. The new combination of HEA alloy is open to
explore the high temperature alloy. In this work, we have studied new alloy
composition FeCrVNbMn phase formation and its mechanical properties.

Experimental Details

The elemental powders of Fe, Cr, V, Nb, Mn and Nb with particle size (-325 mesh)
or diameter ≤ 45 μm and 99.95% purity in equi-atomic (20 at.%) proportion were
used as the starting material and tungsten carbide vial (vol. 45 ml) and balls (dia.
10 mm) were used as the milling media. The elemental powders were milled in a
planetary ball mill and stearic acid was used as process controlling agent (PCA) in
order to avoid excessive cold welding. All the experiments were carried out under
argon atmosphere to avoid the excessive contamination from the environment. The
milling was carried out with ball to powder ratio of 10:1 and speed was 500 rpm.
Milling was conducted for 1, 2, 4, 6, 8 and 10 h. To investigate the phase formation
of milled powders x-ray diffraction was performed by Bruker D8 advanced
diffractometer (XRD) with Cu kα (λ = 1.5406 Å) radiation. Scanning electron
microscope (SEM) model ESEM Quanta with energy dispersive x-ray spectrometer
(EDS) was used to observe microstructural changes and elemental distribution took
place during the milling process. Transmission electron microscope (TEM) was
used to obtain the microstructural, crystal structure and grain size information of the
milled product. The mechanically alloyed powder was subsequently consolidated
by cold pressing and sintering in tube furnace at 600 °C followed by nanoinden-
tation studies.
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Results and Discussion

XRD Analysis

Figure 1 shows the x-ray diffraction patterns obtained from FeCrNbVMn multi-
component alloy powder that was ball milled for different time durations ranging
from 0 to 10 h. The XRD pattern obtained from the initial powder mix (i.e. 0 h
ball-milled) show many low and high intensity peaks and all the observed peaks are
identified to different raw elemental powders used in the mixture. Diffraction peaks
related to Nb and V are overlapped with high intensity peaks, whereas Cr, Fe, and
Mn related are superimposed with much lower intensity peaks. Diffraction intensity,
in general, depends on many factors, such as atomic number, grain size, crys-
tallinity, lattice strain, etc. For the raw powders of this alloy system, Nb is the
heaviest element, which endows it with the highest XRD intensity. Drastic decre-
ment of diffraction intensity is observed after 2 h of ball milling. The diffraction
peaks of Cr, Fe, and Mn elements can hardly be identified after 2 h ball milling. At
this time, only four diffraction peaks can be clearly observed. As the milling
duration reaches up to 10 h, the diffraction peaks exhibit no change except for a
minor broadening. The disappearance of diffraction peaks and peak broadening can
be considered as the beginning of solid-solution reaction and stable formation of
bcc solid solution [4, 5]. The intensity decrement and peak broadening are related

Fig. 1 XRD patterns of ball milled HEA alloy after different duration of time
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with the formation of nanocrystalline and high lattice strain induced by mechanical
deformation during the MA process [6].

The crystallite size and lattice strain of the metallic powders milled for different
durations have been calculated using Scherrer’s formula and the x-ray peak
broadening after eliminating the instrumental contribution. The crystallite size is
greatly refined as the milling duration increases. The 10 h mechanically alloyed
powder exhibits a crystallite size of 40 nm. Refinement of the crystal structure is
conducted by periodic crushing and cold welding during the milling process. This
circulation invokes elemental diffusion and alloying different elements which
eventually results in solid solutions for this multicomponent metallic powder.
Alloying occurs when the grain sizes of the elemental components decrease down
to nanometres range and a substantial amount of enthalpy can be stored in
nanocrystalline alloys because of the large grain boundary area [6]. The stored
energy serves as the internal driving force to produce solid solution among mul-
ticomponent system. Inter-diffusion among the components occurs and the solid
solubility is expected to be increases as the milling time is prolonged. No further
extension of solid solubility will be achieved until it reaches a super saturation state.
The lattice strain of FeCrNbVMn alloy powder increases gradually as the milling
time prolongs. The 10 h ball-milled powder exhibits a high lattice strain of 1.06%
as calculated from Williamson-Hall method. Generally, the increment in lattice
strain is caused by the size mismatch effect among the elements, increased grain
boundary fraction and mechanical deformation. As the milling is extended, the
grain boundary fraction and mechanical deformation are continuously increased
because of the decreased crystallite size. The formation of solid solution among
multiple elements increases the size mismatch because of their different atomic
radius leads to sluggish diffusion. The increment in lattice strain may also cause by
the increased dislocation density produced by severe plastic deformation. The lat-
tice parameter of FCC solid solution alloy is 3.8303 Å.

Microstructure and Phase Analysis

Figure 2 shows the SEM image obtained from the 10 h ball-milled powders and
characterized by scanning electron microscopy. The powders were obviously cru-
shed down to refined particles with granular size less than nano meter range as it
was ball milled for 10 h. In the milling process, the raw powders were first broken
to form much smaller particles. The crushed granules were then cold welded to
form much larger ones. This repeated refinement and agglomeration continues for a
long time. During this period, the particle size remains almost unchanged, whereas
the grain size decreases continuously as milling proceed. The EDS microanalysis
results exhibit the chemical homogeneity and equivalent composition as designed
after 10 h of ball milling. The average grain size calculated from more than 100
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grains is found to be 20 nm. It is to be noted that large fraction of grains is in the
range of 10–20 nm and the distribution is nearly uniform. Figure 3 shows the dark
field TEM image (Fig. 3a) and corresponding SAD pattern (Fig. 3b) obtained from
the 10 h ball-milled powder. The indexed SAD pattern confirmed that the FCC
structured solid solution does exist after 10 h of milling.

Fig. 2 SEM microstructure of FeCrNbMnV alloy after 10 h of ball milling and EDX analysis

Fig. 3 TEM analysis of HEA alloy after 10 h of milling showing a dark field image with
crystallite size b SAD pattern of polycrystalline nature of FCC solid solution
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Mechanical Properties by Nano Indentation

With the development of nanostructured metals and alloys, instrumented nano
indentation seems to be very useful in obtaining the fundamental mechanical
properties and for understanding the fundamental material physics. This charac-
terization technique is a very powerful tool, because the tested volume of material is
compatible with the microstructure. Load vs depth curves obtained by nanoin-
dentation tests on sintered and consolidated FeCrVNbV HEA showed ∼19 GPa
hardness for 10 h ball-milled (Fig. 4) which is almost double in rate as compared to
the few reported alloy systems. Superior strength of high entropy alloy is attributed
to solid solution strengthening and its nanocrystalline nature [7].

Conclusions

FeCrVNbMn multicomponent alloys were successfully prepared by high energy
mechanical alloying process in this study. The alloy powders, which are in simple
FCC solid solution structure, were synthesized by 10 h ball milling. The particles of
the alloy powder are in near spherical structure with uniform size and equiatomic
elemental composition. The alloy composition at TEM analysis confirms the nano
size particle distribution and FCC solid solution with polycrystalline nature. The
bulk sample prepared for nano indentation studies exhibited hardness of ∼19 GPa.

Fig. 4 Load versus depth curves of nano crystalline FeCrVNbV high entropy alloy show the
hardness of 19 GPa
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Magnesium-Based Metal Matrix
Nanocomposites—Processing
and Properties

Hajo Dieringa and Norbert Hort

Abstract It is well known that magnesium alloys reinforced with ceramic particles
of micro-scale sizes give increased hardness and wear resistance. However, such
particles need to be smaller to improve the strength, ductility and creep resistance of
alloys. The optimum size of particles for Orowan strengthening is a diameter less
than 100 nm. Not only the size of particles, but also their chemical composition and
the composition of the alloy are important for the beneficial effect of nanoparticles.
The mechanical properties can be tailored with much fewer nanoparticles compared
to microparticles, because the interparticle spacing is much smaller. However, with
large surface areas compared to their weight and low wettability, any deagglom-
eration of the nanoparticles in a magnesium melt is difficult to achieve and so
requires additional processing, such as by electromagnetic or ultrasound-assisted
stirring. This paper presents a short review and some original work on ceramic
nanoparticle reinforced magnesium alloys and their properties.

Keywords Metal matrix nanocomposite ⋅ MMNC ⋅ Mechanical properties
Grain refinement ⋅ Orowan strengthening

Introduction

Magnesium-based metal matrix composites (MMCs) have been developed since the
early 1980s. Microscale particle reinforcement improves wear resistance, hardness
and strength by a certain amount [1, 2]. Short or long fiber reinforcement signifi-
cantly improves strength [1, 3] and creep resistance [4–6], as well as fatigue

H. Dieringa ⋅ N. Hort (✉)
Helmholtz-Zentrum Geesthacht, MagIC – Magnesium Innovation Centre,
Max-Planck-Straße 1, 21502 Geesthacht, Germany
e-mail: norbert.hort@hzg.de

© The Minerals, Metals & Materials Society 2018
The Minerals, Metals & Materials Society, TMS 2018 147th Annual Meeting
& Exhibition Supplemental Proceedings, The Minerals, Metals & Materials Series,
https://doi.org/10.1007/978-3-319-72526-0_64

679



strength [7, 8]. However, these improvements are possible only with a large amount
of reinforcement, i.e. 10–40 vol.%, which also increases the density of the com-
posite and reduces its ductility. Due to much reduced prices, ceramic nanoparticles
have been routinely used for reinforcing magnesium-based metal matrix
nanocomposites (MMNCs) for several years. Figure 1 clearly shows the increase in
numbers of publications on MMNCs since 1988.

A uniform distribution of such small particles can be easily achieved using
powder metallurgical processes, but those are usually costly and unsuitable for use
in mass production. To distribute nanoparticles uniformly in a light metallic melt is
quite difficult to achieve, due to their relatively high surface area and the resulting
poor wettability. For this reason stir casting alone does not usually suffice in
ensuring a good distribution of nanoparticles. Conventional casting processes that
require minimal modifications for distributing nanoparticles are therefore a field of
great interest for research and industry. An added external field (electromagnetic,
ultrasonic, or mechanical) has to be applied in combination with or subsequent to
stirring. This work was done as part of the European Project EXOMET, which
ended in 2016. One of the conclusions at the end of the project was that added
external fields provide an effective and efficient method of dispersing nanoparticles
in light metal melts [9]. Other production processes such as disintegrated melt
deposition (DMD) [10, 11] or an evaporation of the melt to increase the concen-
tration of particles [12] have a rather academic background, but are not commer-
cially viable. Reviews with a good overview of metal matrix nanoparticle
processing, properties and other aspects can be found in [13–15]. Some of the
results of these processes are also mentioned in this paper.
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Ultrasound Assisted Stirring

Of the additional fields mentioned above, ultrasonic treatment is ideal as ultrasound
waves produce acoustic streaming and cavitation under the ultrasonic probe. This is
useful to promote the de-agglomeration of particle clusters and for particle wetting.
Acoustic streaming facilitates a vigorous convection, transporting the released
particles throughout the melt. This technique has been applied for reinforcing the
magnesium alloy Elektron21 with 1 wt% AlN nanoparticles of average diameter
80 nm [16, 17]. Figure 2 shows the nanoparticles, the scale bar length is 200 nm.
The particles were added to a vortex of melt produced by stirring followed by
ultrasonication for 5 min at 0.3 kW using a HIELSCHER ultrasonic processor
UIP1500hd, as shown in Fig. 3, at a frequency of 20 kHz. Two materials, one with
and one without AlN nanoparticles were produced using the same processes
including stirring and sonication. After sonication the mold and melt were lowered
into a water bath, located below the ring furnace. A microstructure investigation, in
combination with mechanical testing and creep testing, was performed on the
materials. Elektron21 (composition in wt%: Mg-2.8Nd-1.2Gd-0.4Zr-0.3Zn) is one
of the most creep-resistant commercially available magnesium alloys, so any further
influence of the nanoparticles on its creep behavior was also of interest.

Grain size was slightly reduced by the addition of 1 wt% AlN nanoparticles. As
can be seen in Fig. 4a, Elektron21 has a more globular microstructure, whereas the
nanocomposite of 1 wt% AlN shown in Fig. 4b appears more dendritic. The
hardness was not affected.

Fig. 2 AlN nanoparticles
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Fig. 3 Ultrasonic processor with attached booster and titanium sonotrode

Fig. 4 Optical microscopy of a Elektron21 and b Elektron21 + 1 wt% AlN nanoparticles [16]
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The mechanical properties at room temperature under tension and compression
are given in Table 1. Both ultimate strength and yield strength under tension and
compression are only slightly effected and a little lower with nanoparticles. The
ductility was slightly improved.

To determine the properties at higher temperatures, compression creep tests were
performed at 240 °C with constant stresses between 70 and 200 MPa. Figure 5a
shows the creep curves of both materials from tests at 240 °C and 140 MPa from
which the minimum creep rates could be determined.

A summary of all minimum creep rates as a function of applied stresses is shown
in Fig. 5b. The stress exponents n can be derived from this plot. It can be clearly
seen that the AlN reinforced Elektron21 has a significantly improved creep resis-
tance. At low stresses the minimum creep rate is nearly one order of magnitude
lower compared to the unreinforced Elektron21. SEM and TEM investigations
showed that the AlN nanoparticles appear in the eutectic region or in magnesium
grains close to eutectic region. The nanoparticles seem to strengthen the eutectic
region, which ultimately results in creep strengthening of the nanocomposite. The
reason for this may be that the particles tend to prevent the material from grain
boundary sliding, by strengthening the eutectic and grain boundary regions. After
applying the concept of threshold stresses, true stress exponents nt were found to be
4.2 and 3.3 for the Elektron21 and Elektron21 + AlN respectively. Dislocation
climb and glide are the rate-determining deformation mechanisms during creep.

AM60 high pressure die casting (HPDC) alloy was used in another study [18]
where nanocomposites were processed similarly to those based on Elektron21 [16].
The optical micrographs in Fig. 6 show that the addition of AlN refined the grain
size significantly and the morphology of the grains changed from the dendritic
structure in Fig. 6a to the more equiaxed structure shown in Fig. 6b. The grain size
measured shows a significant reduction, from 1277.0 ± 301.3 to 84.9 ± 6.2 µm,
due to the addition of nanoparticles to the AM60 alloy that was produced in a

Table 1 Grain size and hardness measurements, the results of compression and tensile tests at
room temperature. UCS: ultimate compressive strength; CYS: compressive yield strength; E:
elongation at fracture, UTS: ultimate tensile strength; YS: Yield strength [16]

Property Elektron21 Elektron21 + AlN

Grain size (µm) 80.1 ± 39.4 74.1 ± 32.5
Hardness (HV5) 47.9 ± 2.1 48.1 ± 2.5
UCS (MPa) 316.8 ± 1.5 315.7 ± 0.8
CYS (MPa) 92.4 ± 0.8 88.0 ± 1.0
C (%) 21.6 ± 0.8 22.1 ± 0.6
UTS (MPa) 229 ± 10 226 ± 3
YS (MPa) 115 ± 5 107 ± 3
E (%) 12 ± 3 14 ± 1
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similar manner. Tensile tests were performed at room temperature and it was found
that there is an increase of 103% in YS (91.2 MPa compared to 44.9 MPa) and
115% in UTS (235.1 MPa compared to 109.3 MPa). As mentioned, the rein-
forcement of microparticles or fibers usually lowers the ductility significantly, but
in this case the AlN nanoparticle addition more than doubles the elongation to

Fig. 5 Creep curves of Elektron21 and Elektron21 + 1 wt% AlN (a) and double logarithmic plot
of minimum creep rate versus applied stress from tests performed at 240 °C (b) [16]
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failure. An increase of 140% was observed in the elongation to failure by the
addition of AlN nanoparticles (15.4% compared to 6.4%) [18].

It is possible to calculate whether or not the improvement in yield strength of
46.3 MPa can be traced back to grain refinement (Hall-Petch) alone. The
improvement in yield strength ΔσGR is assumed to be:

Fig. 6 Microstructure of a AM60, and b AM60 + AlN [18]

Magnesium-Based Metal Matrix Nanocomposites—Processing … 685



ΔσGR = ky
1

ffiffiffiffiffiffiffiffiffiffiffiffiffiffi

DMMNC
p −

1
ffiffiffiffiffiffi

D0
p

� �

ð1Þ

The term in brackets is called grain size reduction, where DMMNC and D0 are
respectively the grain sizes of the nanocomposite and the unreinforced alloy, which
are processed in the same way. The value of GSR is 8.05 × 10−2 µm−1/2 for the
as-cast nanocomposite. Taking the grain sizes and ky to be 530.2 MPa * µm1/2, the
strengthening contribution from grain size reduction according to Eq. 1 is
42.7 MPa for the as-cast nanocomposite. With 8.3 MPa Orowan-strengthening
contributing only a small amount to the increase in strength and other mechanisms
are negligible. While arithmetic summation of the strengthening effects ends up
slightly overestimating the yield strength increase and the quadratic summation
method slightly underestimating it, in general the tendency is quite satisfactory [18].

Disintegrated Melt Deposition

DMD is a process for producing monolithic alloys and metal matrix nanocom-
posites that are based on lighter metals, such as aluminum or magnesium. The
mixture of melt and nanoparticles is stirred at a superheated temperature in a
graphite crucible under an argon atmosphere. After stirring, the melt is discharged
through an orifice at the bottom of the crucible. This is followed by disintegration
by two argon jets oriented normal to the melt stream that deposit the melt onto a
steel mold. The material produced is thereafter usually heat treated and hot extru-
ded. AZ31 magnesium alloy and its nanocomposites reinforced with 1.0, 1.4, and
3.0 vol.% Al2O3 nanoparticles was processed by DMD [19]. Alumina nanoparticles
have an average diameter of 50 nm. Tensile tests were performed at room tem-
perature and the resulting mechanical properties are shown in Table 2. Not only
yield strength, but also ductility was improved, which can only be explained by
grain refinement.

Disintegrated melt deposition (DMD) was also used to produce an alumina
particle-reinforced pure magnesium composite [20]. A reinforcement of 1.1 vol.%
alumina particles with a diameter of 50 nm was added to the superheated melt
(750 °C) and mixed under an argon atmosphere, followed by DMD and hot
extrusion at 250 °C. Optical investigation of the microstructural features shows a

Table 2 Mechanical properties and grain size of AZ31 and nanocomposites of it [19]

Material 0.2 YS (MPa) UTS (MPa) E (%) Grain size (µm)

AZ31 204.9 345.3 13.5 4.09
AZ31/1.0Al2O3 238.6 384.8 19.5 1.33
AZ31/1.4Al2O3 231.0 372.4 17.4 1.12
AZ31/3.0Al2O3 245.2 377.0 15.8 3.17
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significantly reduced grain size of 14 ± 2 µm in the composite compared to
49 ± 8 µm in the pure magnesium. The coefficient of thermal expansion (CTE) is
significantly reduced by the incorporation of 1.1 vol.% alumina particles from
28.4 ± 0.3 × 10−6 K−1 to 25.1 ± 0.3 × 10−6 K−1. The mechanical properties are
listed in Table 3. Not only strength, but also ductility was significantly improved.

Chen et al. processed an Mg-4Zn-3Gd-1Ca alloy with 2 wt% of ZnO nanopar-
ticles (90–200 nm diameter) using DMD followed by hot extrusion [21]. The
mechanical properties from uniaxial compression tests performed at room tem-
perature are shown in Table 4.

Intensive Melt Shearing

Intensive melt shearing applies shear stress to the melt and this can de-agglomerate
added nanoparticles in magnesium melts without the use of electromagnetic fields
or ultrasound. It is therefore a mechanical process that can be used for mixing
ceramic particles into a melt. The melt shearing device used was developed and
built at BCAST at Brunel University in the UK, it is shown in Fig. 7.

Table 3 Mechanical properties of Mg and Mg+1.1Al2O3 [20]

Material Young’s modulus (GPa) 0.2 YS (MPa) UTS (MPa) E (%)

Mg 42.8 97 ± 2 173 ± 1 7.4 ± 0.2
Mg+1.1Al2O3 52.7 175 ± 3 246 ± 3 14 ± 2.4

Table 4 Mechanical properties from compression tests of Mg-4Zn-3Gd-1Ca and
Mg-4Zn-3Gd-1Ca-2ZnO [21]

Material CYS (MPa) UCS (MPa) E (%)

Mg-4Zn-3Gd-1Ca 260.5 ± 2.9 585.4 ± 18.9 12.6 ± 0.3
Mg-4Zn-3Gd-1Ca-2ZnO 355.4 ± 5.0 703.4 ± 39.8 10.6 ± 0.4

Fig. 7 The devices used for particle addition, melt shearing, and twin roll casting [22]
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To study of the influence of CaO (10 µm) and SiC (2 µm) on the mechanical
properties of a AM30 wrought alloy, it was melted in a steel crucible to 710 °C and
particles were added wrapped in aluminum foil. Three different compositions were
used for the present investigation: (i) AM30, (ii) AM30 + 1.5 wt% CaO, and
(iii) AM30 + 1.5 wt% CaO + 1.5 wt% SiC. The melt was transferred to a
twin-screw melt conditioner (MC) working with a screw rotation speed of 500 rpm
for intensive shearing of the melt at 645 °C for 90 s. The conditioned melt was fed
into a horizontal twin-roll casting machine with a constant casting speed of
1 m/min. This process was performed at BCAST. Strips with a thickness of 5.5 mm
after twin-roll casting were later hot rolled at MagIC, Helmholtz-Zentrum Gees-
thacht, to sheets with a thickness of 2.25 mm. The strips were first preheated to
400 °C and four rolling passes were performed using a warm-rolling mill, resulting
in a 20% reduction in thickness. Tensile tests were performed perpendicular to
rolling direction and are shown in Fig. 8. The high yield asymmetry of AM30 was
reduced by addition of CaO. The highest UTS was demonstrated by the AM30
reinforced with CaO perpendicular to the rolling direction.

Powder Metallurgical Processes

A powder metallurgical process was chosen for processing SiC reinforced pure
magnesium. Two different average sizes of SiC, 25 μm and 50 nm were selected, in
order to study the influence of particle size on mechanical property development
[23]. Mixtures of the powders were compacted to billets and subsequently sintered
in a microwave-assisted process. For the purposes of comparison, pure magnesium
was treated in the same way. All the billets were subsequently hot extruded. The
properties were examined in a composite with 1 vol.% nm-SiC, a composite with 10
vol.% µm-SiC and a composite with a mixture of both. The results were compared
with the pure magnesium sample’s properties. The mechanical properties are given
in Table 5. A significant increase in UTS and 0.2 YS was reached with only 1 vol.%
nm-SiC reinforcement and, surprisingly, the ductility also increased.

Magnesium Evaporation

Chen et al. increased the SiC-nanoparticle concentration by evaporating the alloy
[24]. Firstly, an Mg-6Zn ingot with 1 vol.% SiC nanoparticles was produced with
an ultrasound assisted stirring process in which the nanoparticles mainly appear at
the grain boundaries. This material was again melted and under a pressure of only
6 Torr magnesium and zinc was evaporated. High pressure torsion (HPT) was
applied to the material in order to strengthen it by cold deformation. A material with
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about 14 vol.% nanoparticles in an Mg-2Zn matrix was obtained as a result. For
comparison, the same material without the nanoparticles was also processed. An
extraordinarily small grain size was achieved by combining ultrasonic assisted
casting, evaporation of magnesium and zinc and subsequent HPT. The nanocom-
posite material achieved a yield strength of 710 MPa. This seems to be the highest
ever reported yield strength of a magnesium alloy or composite (Table 6).

Fig. 8 a Tensile strength, and b elongation of all materials tested at room temperature [22]

Magnesium-Based Metal Matrix Nanocomposites—Processing … 689



Conclusions

Magnesium-based metal matrix nanocomposites have excellent mechanical prop-
erties at room temperature and in some cases also improved creep strength com-
pared to their base materials. Processing is more difficult compared to the
micrometer-sized MMCs, but the results are often better. Not only is the strength
increased, but also ductility. This is attributed to a combination of grain refinement
and Orowan strengthening.
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Investigation of Tin as a Fuel Additive
to Control FCCI

Michael T. Benson, James A. King and Robert D. Mariani

Abstract One method to control fuel-cladding chemical interaction (FCCI) in
metallic fuel is through the use of an additive that inhibits FCCI. A primary cause of
FCCI is the lanthanide fission products moving to the fuel periphery and interacting
with the cladding. This interaction will lead to wastage of the cladding and even-
tually to a cladding breach. Tin is being investigated as a potential additive to
control FCCI by reacting with the fission product lanthanides. The current study is a
scanning electron microscopy (SEM) characterization of a diffusion couple between
U-10Zr-4.3Sn (wt%) and the 4 most abundant lanthanide fission products. As the
lanthanides move into the fuel, they are interacting with and breaking down the
Zr5Sn3 precipitates that formed during fresh fuel fabrication. This reaction produced
Ln-Sn precipitates and δ phase (UZr2), which is conducive to normal fuel operation
and increased burnups.

Keywords Metallic fuel ⋅ FCCI ⋅ Fuel additive

Introduction

Fuel-cladding chemical interaction (FCCI) occurs when the nuclear fuel or fission
products react with the cladding material. A major cause of FCCI in metallic fuels
during irradiation is fission product lanthanides (Ln), which tend to migrate to the
fuel periphery, coming in contact with the cladding. The result of this interaction is
degradation of the cladding that will eventually lead to rupture of the fuel assembly
[1, 2]. A method of controlling FCCI is needed to extend fuel life. Several methods
are being investigated to decrease or prevent FCCI, such as barrier foils, coatings,
and additive materials [3–7]. In the additive approach, elements are added to the
fuel matrix that will form stable intermetallics with the lanthanides. Criteria were
previously developed that identified a set of elements that could be promising

M. T. Benson (✉) ⋅ J. A. King ⋅ R. D. Mariani
Idaho National Laboratory, P.O. Box 1625, MS 6188, Idaho Falls, ID 83415, USA
e-mail: michael.benson@inl.gov

© The Minerals, Metals & Materials Society 2018
The Minerals, Metals & Materials Society, TMS 2018 147th Annual Meeting
& Exhibition Supplemental Proceedings, The Minerals, Metals & Materials Series,
https://doi.org/10.1007/978-3-319-72526-0_65

695



additives [4]. From this list, Pd [4, 8, 9], In [7], Sb [10], and Sn [3] have been
investigated, and each have shown promise as a fuel additive.

Ordinarily, the lanthanides can burn-in as fission products; however, in the case
of recycled fuel, they will be present as minor impurities in recycled, as-fabricated
fuel [11]. Controlling FCCI in the recycled fuel system is even more important due
to the potentially reduced lifetime of the fuel [12]. In this case, as soon as the fuel
contacts the cladding due to swelling, there are already lanthanide impurities in the
recycled fuel available to initiate FCCI. This will occur at roughly 1–2% bur-
nup. This early form of FCCI in a recycled fuel will occur in accelerated fashion in
comparison to the much slower burn-in of fission product lanthanides in a fresh fuel
fabricated with clean uranium.

The diffusion couple described in this paper is a continuation of previous work
using Sn as a minor additive to control FCCI [3]. In that report, the as-cast and
annealed microstructures were investigated, with and without lanthanides present.
That characterization was necessary in order to determine the structure of a fresh fuel,
and serves as an initial evaluation of the efficacy of a particular additive, in terms of
chemical bonding of the additive to the lanthanides over Zr. The drawback with this
earlier study is the high temperatures present in the arc melter during fabrication,
which may generate high temperature phases that would not be present at reactor
temperatures. A diffusion couple, performed at reactor temperature (650 °C), between
the fresh fuel and the lanthanides provides a more realistic out-of-pile test of the
additive-lanthanide interactions.

Experimental Methods

The alloys, U-10Zr-4.3Snwt% (71.2U-21.7Zr-7.2Sn at.%) and 53Nd-25Ce-16Pr-6La
wt% (52.3Nd-25.4Ce-16.2Pr-6.1La at.%) were fabricated as previously reported [3],
and cast into 5 mm diameter pins. All materials, except uranium, were obtained from
Alfa Aesar and used as received. The lanthanides were obtained as rods, packaged in
Mylar under argon. Uranium was cleaned by submersion in nitric acid, followed by a
water wash, then an ethanol wash.

Approximately 3 mm from each pin was cut for the diffusion couple. To prepare
the samples for the diffusion couple, the surface was ground flat using SiC grinding
paper, followed by polishing with polycrystalline diamond suspensions, starting
with 9 µm, then 3 µm, and finally 1 µm. This was performed in air. The samples
were transferred into an argon glovebox, and hand polished with polycrystalline
diamond suspension, starting with 3 µm, then 1 µm, to remove any oxide layer. The
fresh fuel and lanthanide samples were placed together, with polished surfaces in
contact and surrounded by Ta foil, in a previously described diffusion couple jig [8].
The jig was tightened to 50 in lbs. The jig was removed from the glovebox and
sealed in a quartz tube under vacuum. The tube was then heated to 650 °C and held
for 504 h. After the heat treatment, the diffusion couple was quenched in water,
then removed from the diffusion couple jig for analysis.
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The diffusion couple was mounted in a 31.8 mm diameter phenolic metallo-
graphic (met) mount filled with epoxy. The diffusion couple interface was exposed
by grinding roughly half the diameter away with SiC grinding paper. The sample
was then polished with polycrystalline diamond suspensions, starting with 9 µm,
then 3 µm, and finally 1 µm. The polished sample was analyzed with a sputtered
coating of approximately 15 nm carbon to control charging of the met mount in the
scanning electron microscope (SEM).

The instrument used for this analysis was a JSM-7600f SEM manufactured by
the Japan Electron Optics Laboratory (JEOL). The JSM-7600f is a hot field
emission SEM equipped with an Oxford Instruments X-Max 20 silicon drift energy
dispersive X-ray spectrometer (EDS). The X-ray spectrometer is controlled by
Oxford INCA software (v. 4.15, part of the Oxford Microanalysis Suite Issue
18d + SP 4), which also provides image acquisition capabilities.

The SEM was operated at an accelerating voltage of 20 kV and a nominal beam
current of approximately 84 nA (which can vary somewhat with column condi-
tions) for these analyses. Prior to analysis, X-ray detector response was verified
using a copper target. All of the X-ray spectra were accumulated for 75 live sec-
onds. Spectra were collected over the energy range 0–20 keV, which covers
characteristic X-ray energies from all analytes.

Spectra were quantified using so-called “standardless” analysis, which uses a
stored library of reference spectra to quantify unknown spectra rather than physical
standards. This method is generally accurate to the 0.1–0.5 wt/wt% range,
depending on sample and microscope (observation) conditions.

Results and Discussion

Figure 1 shows representative images of the interface between U-10Zr-4.3Sn and
the lanthanides. Several features are readily apparent in the large area scans. There
is obvious penetration of the lanthanides into the fuel, with only a small amount of
fuel moving into the lanthanides. Also apparent is the different zones present in the
fuel matrix, extending roughly 100 µm into the fuel. These zones are indicated by
the dashed red lines. The locations of the higher magnification images shown in
Figs. 2 and 3 are indicated by the red rectangles. Each of these features is discussed
in more detail below.

Figure 2 shows magnified images of the interaction zone, with EDS data listed
in Table 1. Figure 2a clearly shows the penetration of the lanthanides into the fuel,
specifically along the Zr-Sn precipitates. The precipitate has a mottled appearance,
with a range of small inclusions present (based on visual inspection). Most of the
inclusions through the bulk of the precipitate are small, on the order of 1 µm, so
were not analyzed by EDS due to the small size. The small inclusions and mottled
appearance likely indicate that the reactions taking place are not complete, and the
diffusion couple was quenched too soon. With that stated, there is still useful
information in the EDS analysis. Points 1–3 (Fig. 2a, Table 1) are the UZr2 δ phase,
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Fig. 1 a and b SEM BSE images of diffusion zone. The red rectangles indicate the locations for
the higher magnification images shown in Figs. 2 and 3. (*) indicates the magnified regions shown
in Fig. 2, and (‡) indicates the magnified regions shown in Fig. 3. The dashed red lines indicate the
interaction zone boundaries

Fig. 2 SEM BSE images of diffusion zone. Magnified region from red rectangle, marked with (*),
shown in Fig. 1a, b. Magnified region from red rectangle, marked with (*), shown in Fig. 1b. EDS
data listed in Table 1

Fig. 3 a and b SEM BSE images of extended interaction zone in the fuel. Magnified regions from
red rectangles, marked with (‡), shown in Fig. 1a. EDS points listed in Table 2
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inside what was once a Sn-Zr precipitate. Bands of δ phase are visible in all of the
precipitates within the interaction zone. In the Zr5Sn3 precipitates (points 11
and 12), there is only small amounts of U present, thus U is moving into the
precipitate to bind the Zr released from Zr5Sn3 as Ln5Sn3 is formed. (Note: Specific
phases are inferred from the EDS results.)

Points 4 through 7, Fig. 2a, are primarily Sn and lanthanides, with some Zr and a
small amount of U. The Ln/Sn ratio is very close to Ln5Sn3. As previously dis-
cussed [3], Zr may be substituting into the crystal lattice, creating a [Zr + Ln]5Sn3
compound. Including Zr into the Ln/Sn ratio in points 5 through 7 indicates a
composition of roughly [Zr + Ln]2Sn. While not impossible, a 2 to 1 compound is
unlikely since there are no known 2 to 1 compounds between the constituent
lanthanides (Nd, Ce, Pr, La) and Sn, based on the binary phase diagrams. Other
precipitates in the interaction zone that were analyzed (data not shown) have a
range of Zr present, from roughly 4 at.% to above 12 at.%. This could be due to Zr
having a high solid solubility in Ln5Sn3, or perhaps Zr has not had enough time to
migrate out of the precipitate.

Table 1 EDS data for points shown in Fig. 2. Values in at.%

U Zr Sn Nd Ce Pr La

Figure 2a
1 33.6 60.5 1.4 1.0 2.3 0.4 0.7
2 34.9 61.4 0.6 0.6 1.5 0.4 0.7
3 31.2 59.5 2.9 1.8 3.0 0.6 0.9
4 6.1 5.5 34.7 31.5 12.0 1.8 8.4
5 2.5 11.1 33.6 30.4 12.2 2.1 8.1
6 4.1 10.8 32.9 30.1 12.2 2.0 8.0
7 7.5 10.0 31.2 29.6 11.6 2.3 7.8
8 95.3 3.0 0.0 0.0 1.1 0.2 0.5
9 98.1 0.8 0.0 0.4 0.3 0.4 0.0
10 98.1 0.7 0.0 0.4 0.4 0.3 0.1
11 2.4 60.3 37.0 0.0 0.1 0.1 0.1
12 2.4 60.6 37.0 0.0 0.0 0.0 0.0
13 0.1 0.4 0.2 51.4 27.0 3.6 17.2
14 0.1 0.2 0.0 51.5 27.2 3.8 17.2
15 0.0 0.3 0.1 50.8 27.3 4.0 17.3
Figure 2b
1 0.3 3.4 4.8 64.5 17.3 2.2 7.5
2 0.4 3.2 6.5 63.6 16.8 2.0 7.6
3 0.3 3.0 6.3 63.9 16.9 2.2 7.4
4 0.1 2.9 5.5 64.7 17.3 2.1 7.4
5 0.0 0.4 0.0 50.9 27.4 3.6 17.6
6 0.0 0.2 0.2 51.6 27.2 3.4 17.4
7 0.0 0.2 0.1 51.3 27.3 3.7 17.4
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Figure 2b shows a region of the interaction zone where constituents in the fuel
diffused into the lanthanides. These regions were not present along the entire
interaction zone, but were scattered throughout. Curiously, the composition of these
regions was very consistent, with a representative example shown in Fig. 2b. The
amount of Sn is low, roughly 5 at.%, with a small amount of Zr. The low amount of
tin diffusing into the lanthanides is likely caused by the Zr rind, common to U-Zr
based alloys, hindering diffusion, and also due to the stability of the Zr5Sn3 pre-
cipitates. In areas where Sn broke through, diffusion may be kinetically limited,
given that the Sn concentration was always roughly 5 at.%. This should be apparent
after running a longer diffusion couple.

The lanthanide composition is also very consistent in the regions where tin
moved into the lanthanides. Removing the small amounts of U, Zr, and Sn from the
EDS points, and normalizing for the lanthanides yields a composition of
70.5Nd-18.9Ce-8.2La-2.4Pr in at.%. This is significantly different from the starting
lanthanide concentration, 52.3Nd-25.4Ce-16.2Pr-6.1La at.%. This could indicate a
preference for Sn to bind Nd, or could be due to the higher mobility of Ce, Pr, and
La due to lower melting points. If the latter were true, a Nd rich region would be
expected near the interface on the lanthanide side, with Ln5Sn3 precipitates on the
fuel side containing a lower concentration of Nd. This is not the case, though. EDS
points 13–15 in Fig. 2a, and 5–7 in Fig. 2b, are roughly the same compositions, and
are very close to the cast composition of the lanthanides. The Nd content in the
Ln5Sn3 precipitates on the fuel side also do not support the idea of higher mobility
of Ce, Pr, and La over Nd. Normalizing the lanthanide content in points 4–7
(Fig. 2a), and averaging the 4 data points yields a lanthanide content of
57.9Nd-22.8Ce-15.4La-3.9Pr, slightly high in Nd, and a little low in Ce and Pr.
Although this is not conclusive, the trend indicates Sn is preferentially binding Nd
over the other lanthanides present. A longer reaction time may help clarify this
issue.

Figure 3 shows images of the fuel matrix at the beginning and end of the
interaction zone indicated in Fig. 1 by the dashed lines, with EDS data listed in
Table 2. In Fig. 3a, there is an obvious change in the matrix at roughly 20 μm from
the interface, corresponding to the depth of lanthanide diffusion into the fuel. The
dark, globular precipitates stop abruptly, with a 2 phase, open matrix structure
extending for roughly 75 μm. EDS points 1–4 in Fig. 3a show the globular pre-
cipitates to be high in U and Zr, with residual lanthanides present, and no Sn. The
structure is δ phase, either with dissolved U or U picked up in the EDS analysis
from the surrounding matrix, which is primarily α-U (see EDS points 9 and 10,
Fig. 2a, Table 2).

The second region, the two phase open structure, is very low in Zr. The darker
areas are a mix of α-U and δ phase, although there is significantly more α-U than δ
phase, while the lighter areas are α-U. This zone is likely due to uranium moving
into the region, and not a depletion of Zr. Uranium and the lanthanides are
immiscible solids, so it appears the movement of lanthanides into the fuel is
pushing some of the uranium away from the interaction zone.
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The end of this two phase, open matrix structure is shown in Fig. 3b. EDS
analysis indicates the same composition throughout this area (points 5–8 in Fig. 3a,
and points 1–3 in Fig. 3b). At the end of this zone, the matrix has the same
appearance as the matrix area in the previously characterized U-10Zr-4.3Sn after
annealing [3]. The EDS analysis (points 4–6) shows a slightly elevated concen-
tration of U. This was observed previously, and attributed to the small size of the δ
phase inclusions, due to depletion of Zr from the matrix, and limitations in the EDS
method. The δ phase areas shown in Fig. 3b are on the order of 1 μm, so this
explanation is likely the reason for the high U content.

Conclusions

The diffusion couple between U-10Zr-4.3Sn (wt%) and a mix of lanthanides
(53Nd-25Ce-16Pr-6La wt%) has been analyzed by SEM. Although a longer reac-
tion time may be needed to fully understand the diffusion (a longer diffusion couple
run is in progress), several conclusions are apparent from this investigation.

Table 2 EDS data for points shown in Fig. 3. Values in atomic %

U Zr Sn Nd Ce Pr La

Figure 3a
1 40.7 57.9 0.0 0.0 0.9 0.3 0.3
2 44.1 54.4 0.0 0.0 0.9 0.3 0.4
3 39.4 58.5 0.0 0.0 1.5 0.4 0.2
4 42.9 55.2 0.0 0.0 1.1 0.5 0.3
5 73.9 25.3 0.0 0.0 0.4 0.1 0.3
6 72.6 25.9 0.0 0.0 0.7 0.4 0.4
7 73.8 25.6 0.0 0.0 0.3 0.3 0.0
8 73.8 25.4 0.0 0.0 0.4 0.3 0.1
9 94.8 2.9 0.0 0.0 1.3 0.6 0.4
10 98.0 1.0 0.0 0.0 0.4 0.3 0.3
11 95.5 4.3 0.0 0.0 0.1 0.1 0.0
12 98.5 1.0 0.0 0.0 0.3 0.2 0.1
Figure 3b
1 72.5 26.4 0.0 0.0 0.5 0.4 0.1
2 72.4 27.0 0.0 0.0 0.4 0.1 0.1
3 72.6 26.8 0.0 0.0 0.3 0.3 0.0
4 40.1 59.4 0.0 0.0 0.3 0.1 0.1
5 40.8 59.0 0.0 0.0 0.1 0.0 0.0
6 41.2 58.5 0.0 0.0 0.1 0.1 0.0
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• The lanthanides aggressively attack the Sn-Zr precipitates. Sn-Zr is decom-
posing in favor of forming Ln-Sn compounds.

• Uranium is moving into the precipitate to react with the released Zr, forming δ
phase, UZr2.

• Uranium appears to be moving away from the interface, due to the movement of
lanthanides into the fuel, and the immiscibility between the lanthanides and
uranium.

• Tin moved into the lanthanides, but only in very small amounts. This could be
due to the Zr rind that is prevalent in U-Zr fuels, or due to the lack of mobility of
Sn while in Zr5Sn3 precipitates. In other words, the Sn is inhibited from crossing
the reaction front presented by the Sn-Zr compounds, and Sn appears to be the
least mobile species in this system.
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Mechanical Properties of Rapidly
Solidified Ni5Ge3 Intermetallic

Nafisul Haque, Robert F. Cochrane and Andrew M. Mullis

Abstract The congruently melting, single phase, intermetallic Ni5Ge3 has been
subject to rapid solidification via drop-tube processing wherein powders with
diameters between 850–150 μm are produced. At these cooling rates (850–150 μm
diameter particles, 700–7800 K s−1) the dominant solidification morphology,
revealed after etching, is that of isolated plate and lath microstructure in an
otherwise featureless matrix. Selected area diffraction analysis in the TEM reveals
the plate and lath are a disordered variant of ε-Ni5Ge3, whilst the featureless matrix
is the ordered variant of the same compound. Microvicker hardness test result
shows that mechanical properties improve with decreasing the particle size from
850 to 150 μm as a consequence of increasing the cooling rate.

Keywords Rapid solidification ⋅ Intermetallic compound ⋅ Plate and lath
microstructure

Introduction

Intermetallic compounds have been of widespread and enduring interest within
Materials Science over the last 30 years or so. Such compounds are characterised
by strong internal order and mixed covalent/ionic and metallic bonding, which
gives rise to mechanical behaviour intermediate between ceramics and metals.
A range of potential applications such as high temperature structural materials have
been proposed for these materials due to good chemical stability and high hardness
at elevated temperatures. However, poor room temperature ductility limits forma-
bility. Such limitations can be overcome by controlling the degree of chemical
ordering present within the intermetallic, with the disordered form typically
showing behaviour which is more metallic in character (higher ductility, lower
hardness, and lower chemical resistance) than the fully ordered form. Rapid
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solidification of intermetallics is therefore an important area of study as high
cooling rates are one means of suppressing ordering. Subsequent annealing of the
formed part can then be utilised to restore chemical ordering, and hence the
desirable properties of the intermetallic.

In this article we present an analysis of rapidly solidified Ni-37.2 at.%. Ge, which
is close to the notional stoichiometry of the Ni5Ge3 compound. This is an inter-
esting model system as, being congruently melting, the ordering reaction can be
studied without any complicating solute effects. That is, we can be certain that
solute partitioning, and hence also solute trapping, is absent.

The phase diagram for the Ni-Ge system has been studied extensively by Ellner
et al. [1] and by Nash and Nash [2], in 1971 and 1987 respectively. More recently,
further work has been also reported by Liu et al. [3] and by Jin et al. [4]. Ni5Ge3 is a
congruently melting compound with a homogeneity range for the single phase
compound of 34.6–44.5 at.% Ge. The congruent point is towards the Ge-deficient
end of this range at 37.2 at.% Ge and 1458 K. Ni5Ge3 displays two equilibrium
crystalline forms, ε and εʹ [2, 4]. The high temperature ε-phase has the P63/mmc
crystal structure (Hexagonal, space group 194), while the low temperature εʹ-phase
has the C2 crystal structure (Monoclinic, space group 5) [4]. The transition between
the two occurs either congruently (ε → εʹ) at 670 K for Ge-rich compositions or
via the eutectoid reaction ε → εʹ + δ at 560 K for Ge-deficient compositions. No
order-disorder transitions are shown on the phase diagram and as far as we are
aware it is not known whether the high temperature ε phase orders direct from the
liquid upon solidification or in the solid-state at some temperature below the
liquidus.

Rapid solidification was affected via drop-tube processing, in which cooling rate
is primarily determined by particle size. The main objective of the study is to study
the mechanical properties of rapidly solidified drop-tube samples (850–150 μm
diameter particles) with respect to increasing the rate of cooling rates.

Experimental Methods

The congruently melting ε-Ni5Ge3 compound exists over the homogeneity range of
33.8–43.2 at.% Ge [5]. Single phase ε-Ni5Ge3 was produced by arc-melting Ni and
Ge together under a protective Ar atmosphere. To ensure homogeneity of the final
alloy, the arc-melting process was repeating 8 times with the phase composition of
the subsequent ingot being confirmed by XRD using a PANalytical Xpert Pro. Only
when the material was confirmed as single phase was rapid solidification processing
undertaken.

Rapid solidification was affected by drop-tube processing using a 6.5 m
drop-tube. The tube was rough pumped to a pressure of 2 × 10−4 Pa before being
flushed with N2 gas. The rough pump—flush cycle was repeated three times before
the tube was evacuated to a pressure of 4 × 10−7 Pa using a turbo-molecular
pump. For sample processing the tube was filled with dried, oxygen free N2 gas at a
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pressure of 50 kPa. The alloy sample, of approximately 9.4 g mass was loaded into
an alumina crucible which has three 300 µm laser drilled holes in the base.
Induction heating of a graphite subsector was used for heating the sample. Tem-
perature determination was by means of an R-type thermocouple which sits inside
the melt crucible, just above the level of the melt. When the temperature in the
crucible attained 1533 K (75 K superheat) the melt was ejected by pressuring the
crucible with ∼400 kPa of N2 gas. This produces a fine spray of droplets which
subsequently solidify in-flight and are collected at the base of the tube.

The sample was weighed following removal from the drop-tube and sieved into
the size fractions ranges from 850 μm (700 K s−1) to 150 μm (7800 K s−1). For
each size fraction the cooling rate, calculated using the methodology described in
[6], is shown in brackets.

All of drop-tube powders were subject to XRD analysis to ensure they remained
single-phase prior to further analysis. Each sieve fraction was then mounted in
transoptic resin and prepared for microstructural analysis using OM (Olympus
BX51) and SEM (Carl Zeiss EVO MA15 scanning electron microscope). For such
analysis samples were etched for 25 s in a mixture of equal parts of undiluted
HNO3 + HCl + HF. An Oxford Instrument X-Max Energy-Dispersive X-Ray
(EDX) detector was used to check the chemical homogeneity of the etched samples.
Bright-field imaging and selected area diffraction analysis in the transmission
electron microscopy (TEM), using an FEI Tecnai TF20, was used to distinguish
between the ordered and disordered variants of each morphology observed. Sam-
ples were prepared for TEM analysis using a FEI Nova 200 Nanolab focused ion
beam (FIB), with the sections cut being approximately 10 μm × 7 µm and between
55 and 70 nm in thickness. An example of a FIB milled section for the related
β-Ni3Ge compound is shown in [7]. For measurement of micro-hardness of the
drop-tube samples a TUKONTM 1202 Wilson Hardness (micro-Vickers) test rig
was used with 0.01 kg load. The final measurement of hardness for each sample
was based upon an average of at least 10 individual measurements.

Results and Discussion

In drop-tube processing the cooling rate is determined primarily by the ratio of
surface area to volume of the droplet, giving a one-to-one relationship between
droplet diameter and cooling rate. Therefore a spray with a broad size distribution is
used to access a wide range of cooling rates within a single experiment. The process
describe in [6] equates the radiative and convective heat flux through the droplet
surface with the total heat loss to obtain the cooling rate. However, we make one
modification to the method given in [6]. As order/disorder reactions occur in the
solid-state, the cooling rates quoted here are given immediately post-solidification,
i.e. the effect of latent heat is ignored. The cooling rates for each size fraction are:
850 μm (700 K s−1), 500 μm (1400 K s−1), 300 μm (2800 K s−1), 212 μm
(4600 K s−1) and 150 μm (7800 K s−1).
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The starting material for the drop-tube experiments was single phase ε-Ni5Ge3,
which was confirmed by XRD analysis on a polished surface of the arc-melted
ingot. The XRD peaks in Fig. 1 clearly indicate that ε-Ni5Ge3 is the only phase
present (for reference, the ICCD reference pattern 04-004-7264 for ε-Ni5Ge3 is
shown on the x-axis). XRD analysis was also conducted on each size fraction of the
drop tube powders and again each was confirmed as contains only ε-Ni5Ge3. For
the sake of brevity, only one example result of this is shown in Fig. 1, that for the
500–300 µm size fraction.

Figure 2a shows a SEM micrograph of a polished and HF etched sample of sieve
fraction 500–300 μm in powder form, wherein numerous plate and lath like
structures are evident in the sample. Such structure are also observed in the other
size fractions considered in this paper. Such structures are common in intermetallic
compounds [8–10] and some alloys of iron [10]. A study conducted by Hyman
et al. [8] observed that the formation of these lath and plate structure in γ-TiAl
during the transformation in the solid state of α dendrites during cooling to α2 + γ
mixture lath which is surrounded by γ segregates. McCullough et al. also observed
that α2-Ti3Al also shows plate and lath morphology which is like ε-Ni5Ge3, shares
the P63/mmc space group [9].

The contrast between the surrounding matrix material and the plate and lath is
interesting in that, as confirmed by XRD analysis, it is not the result of contrast
between different phases, the material here being single phase ε-Ni5Ge3. An EDX
line scan perpendicular to a plate and lath is showed in Fig. 2b. This shows that the

Fig. 1 X-ray diffraction analysis of an arc melted sample prior to drop-tube process (black) and
the rapidly solidified drop-tube processed sample 500–300 μm size fraction. Vertical black lines
indicate peak position for the ε-Ni5Ge3 reference pattern
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material is chemically homogeneous and that the contrast is therefore not the result
of compositional difference between the plate and lath and the surrounding matrix,
as might arise from solute partitioning during solidification [11, 12]. We conclude
therefore that the contrast revealed by etching does not indicate any relation to
phase difference (XRD) nor chemical composition (EDX).

In order to understand the origin of plate and lath morphologies revealed by
etching in the rapidly solidified Ni5Ge3 drop-tube samples, TEM imaging and
Selected Area Diffraction (SAD) analysis has been performed. Figure 3a shows a
TEM bright field image of an FIB section of a lath and plate structure and some of
the immediately its surrounding matrix material. Selective area diffraction
(SAD) identifies two region Figure (a); (i) matrix material that is away from plate

Fig. 2 a SEM micrograph of HF etched ε-Ni5Ge3 drop-tube particle from the 500 to 300 μm size
fraction showing plate and lath structures in a featureless matrix and b EDX line scan across a plate
and lath trunk showing that the contrast revealed by etching is not the result of solute partitioning

Fig. 3 a TEM bright field image of a plate and lath structure and surrounding matrix material in a
500–300 µm size fraction, b and c selected area diffraction patterns from regions (i) and
(ii) identified in the bright field image (i) matrix materials well away from the plate and lath
structure, (ii) inside the structure
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and lath structure, and (ii) inside the plate and lath structure. The SAD results of
region (i) and (ii) are shown in Fig. 3b, c respectively. Supper lattice spots are
clearly visible in Fig. 3b indicating the matrix material is the chemically ordered
structure. On the other hand, the absence of supper lattice spot in Fig. 3c suggest
the plate and lath morphology is composed of the chemically disordered material.
We conclude that the contrast displayed by etching is because of incomplete
chemical ordering, causing the etchant to attack the disordered material and leaving
the ordered material unaffected. The lower chemical resistance of the disordered
phase has resulted in this type of differential etching between ordered and disor-
dered material to be observed previously in other intermetallic compounds [11, 13].

In order to determine the effect of cooling rate upon mechanical properties,
microvicker hardness tests have performed on the plate and lath microstructure
contained within all of the sample sizes considered here (850–150 μm). The results
of this are shown in the Fig. 4. The maximum hardness, 824 Hv0.01, was observed
in smallest size drop-tube sample (212–150 μm diameter particles). Conversely, the
minimum hardness was observed in largest drop-tube sample (850–500 μm
diameter particles). It can be concluded that the mechanical properties can be
altered (hardness increased) by increasing the cooling rate, in the cases studied here
from 700 to 7800 K s−1.

The behavior observed here is anomalous and quite contrary to what we would
predict. We presume that the plate and lath structures are partially ordered while the
matrix material is (near) fully ordered, this being consistent with the TEM results.
However, we must suppose that with increasing cooling rate chemical ordering will
be suppressed and that consequently the degree of ordering within the partially
ordered material will decrease i.e. the plate and lath structures will become more

Fig. 4 Micro-hardness value (in Hv0.01) as a function of droplet diameter ranges from 850 to 150
μm
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disordered with increasing cooling rate. However, we would expect that this would
cause the microhardness to decrease with increasing cooling rate rather than to
increase, as the disordered material because more metallic like with increasing
degree of disorder. Many materials will show an increase in strength with rapid
solidification due to the Hall-Petch effect, although this does not appear likely here
where we are considering microhardness measurements on individual ordered and
disordered regions within grains. A possible explanation would be that there is an
increase in defect concentration within the lattice due to increased growth velocity
at high cooling rate. This may lead to an increase in dislocation density, giving a
work-hardening like effect. As such, these results may have significant implications
for our understanding of the way in which rapid solidification can be used for the
processing of intermetallic materials.
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Production of Cu2O Powder Using
Electrodeposition Method

Shadia J. Ikhmayies

Abstract Cuprous oxide (Cu2O) has wide-scale applications in gas sensors, solar
cells, and lithium-ion batteries. In this work, cuprous oxide (Cu2O) powder was
prepared by electrodeposition method using copper sulphate hydrated CuSO4,
where it was dissolved in distilled water. The produced samples were characterized
by X-ray diffraction (XRD), and X-ray fluorescence spectroscopy (XRF). X-ray
diffractograms revealed the characteristic diffraction peaks of cubic Cu2O of space
group Pn-3 m, in addition to some lines of cubic Cu of space group Fm-3 m. XRF
reports showed that the samples are mainly composed of Cu2O, with impurities
mainly including SO3, P2O5, Al2O3 and SiO2.

Keywords Cuprous oxide ⋅ Electrodeposition ⋅ Powder ⋅ XRD
XRF

Introduction

Metal oxides are promising materials that have attracted much attention because of
their extraordinary properties in different fields of optics, optoelectronics, catalysts,
biosensors and humidity sensors [1]. As a typical p-type semiconducting material,
cuprous oxide (Cu2O) possesses a stable, direct band gap of about 2.17 eV and a
higher Hall mobility up to 60 cm2/V s [2]. It has wide-scale applications of in gas
sensors, solar cells and lithium-ion batteries [3, 4] owing to its unique optical and
magnetic properties [4–10]. It also has important applications in degrading indus-
trial dyeing wastewater, nitrogen-containing pesticides, and decomposition of water
into O2 and H2 under visible light [11–15].

To synthesize Cu2O powder, different experimental routs were used. Among
them are electrochemical deposition [16], sol-gel [17], RF reactive sputtering [18]
and chemical vapour deposition (CVD) [19]. In this work electrodeposition method
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was used because of its simplicity and low cost. The produced powder was char-
acterized using X-ray diffraction (XRD), and X-ray fluorescence spectroscopy
(XRF).

Experimental Procedure

Cu2O powder was prepared by electrodeposition method, where 9.9 gm of copper
sulphate hydrated (Assay min 99.5%, chloride Cl max 0.0005%) was fully dissolved
in 400 ml of distilled water and a blue solution was produced. The electric circuit is
a simple series circuit that consists of a power supply, rheostat, digital multimeter
(FLUKE 87), and two rectangular copper electrodes used as a cathode and an
anode, and immersed in the solution. For sample (1) which has a mass of 2.4 g, the
current in the circuit was maintained at 0.86 A using the rheostat, and sample
(4) which has a mass of 5.9 g, was prepared using the same deposition parameters
as sample (1), but prepared before about three months. Samples (2) and (3) which
have masses 10.5, and 9.0 g respectively, were prepared using a current in the range
1.14–3.0, and 2.0–2.5 A respectively. Samples (1), (3), and (4) were prepared in
two days, and directly sent for characterization with sample (1). So it can be said
that samples (1), (2), and (3) were characterized after 3–4 days from the date of
deposition. When the electric circuit is closed, the color of the cathode started to
change to black and dark brown, and dark brown to black precipitate started to
accumulate in the bottom of the beaker. After finishing the experiment, the obtained
precipitate was leached, and left to dry naturally.

The crystal structures of the as-prepared samples was identified by x-ray powder
diffraction (XRD) using SHIMADZU XRD-7000 x-ray utilizing Cu Kα radiation
(k = 1.54 Å) with step size and scan speed of 0.01 and 1/min respectively. The
measurements were taken in the continuous 2θ mode in the range 10–80 using a
current of 30 mA and voltage of 40 kV. The composition of the samples was
examined by x-ray fluorescence using SHIMADZU XRF-1800.

Results and Discussion

Figure 1 displays the XRD diffractograms of four as-synthesized samples of the
Cu2O powder prepared by electrodeposition. Diffraction peaks could be readily
indexed to the cubic phase Cu2O with lattice constant a0 = 3.61 Å [20] and space
group Pn-3 m (JCPDS: 01-078-2076). In addition, there are some peaks of cubic
(Cu) with space group Fm-3 m, identified according to file (JCPDS: 04-0836).
Presence of Cu means that not all Cu atoms are oxidized. All Cu2O peaks were
assigned with the corresponding Miller indices as shown in Fig. 1, where they
represent reflections from the planes (110), (111), (200), (220), (311), and (222),
where the reflection from the (111) plane is the strongest. It is noticed that despite
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the higher masses of samples (2) and (3), the lines (111), (110), and (200) of these
samples are weaker than those of samples (1) and (4). This may be due to the larger
values of current which speed the deposition process, but may slow the rate of
crystal growth.

These diffractograms were used to deduce the lattice constant a of cubic Cu2O
crystal lattice. This was done by using the distance of lattice planes (dhkl) from
Bragg’s law

2dhkl sin ϑ= λ ð1Þ

where ϑ is Bragg’s angle, 2ϑ is the scattering angle, and λ is the wavelength of the
X-ray, which is 1.54 Å for the Cu Kα line. The relationship that connects dhkl with
lattice constant a of the cubic structure is:

1
d2hkl

=
1
a2

ðh2 + k2 + l2Þ ð2Þ

where h, k, and l are Miller indices. The plot of d2 against h2 + k2 + l2 (Fig. 2)
is used to find the lattice constant a. For this purpose a linear fit was made, and
the square root of the slope represents the average value of a, where
a±Δa=3.5938± 0.0022 Å. This value is very close to the accepted value
a0 = 3.61 Å.

It is well known that the composition of the samples determines their properties;
hence XRF was used to explore the composition of the produced Cu2O powder.
Table 1 lists the XRF report of the four samples. As seen in the table, the

Fig. 1 XRD diffractogram of the produced Cu2O nanopowder
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concentration of Cu2O in the samples is in the range 96.2–99.4%, and the main
impurities are S, P, Si, and Al all incorporated with oxygen. The presence of S is
due to the use of the hydrated CuSO4 powder, where the samples were not washed
before drying. Si may be liberated from the glass beaker during the deposition
process. P and the other impurities (Ru, Fe, and Ni) which have very small con-
centrations as seen in Table 1, are expected to be included in the hydrated CuSo4,
which has purity of just 99.5%. Hence, they have less influence on the properties of
the samples.

Fig. 2 The plot of d2 against h2 + k2 + l2 with the linear fit. The inset table lists the fit parameters

Table 1 XRF report for the composition of the Cu2O samples

Sample 1 Sample 2 Sample 3 Sample 4

Oxide Concentration
%

Oxide Concentration
%

Oxide Concentration
%

Oxide Concentration
%

Cu2O 96.1854 Cu2O 97.2513 Cu2O 98.9089 Cu2O 99.4462

SO3 2.5656 SO3 2.0249 SO3 0.4487 P2O5 0.2462

SiO2 0.6863 P2O5 0.2836 P2O5 0.2274 SO3 0.1767

Al2O3 0.4716 SiO2 0.1755 SiO2 0.1648 RuO2 0.0914

Cr2O3 0.051 Al2O3 0.134 Al2O3 0.0971 Fe2O3 0.0395

Fe2O3 0.0402 RuO2 0.073 RuO2 0.0946

Fe2O3 0.0439 Fe2O3 0.0445

NiO 0.0138 Cr2O3 0.014

718 S. J. Ikhmayies



Conclusions

Cu2O powder was successfully synthesized using the electrodeposition method
from CuSo4 aqueous solution. X-ray diffraction patterns (XRD) revealed the
presence of the peaks related to cubic Cu2O of space group Pn-3 m in addition to
some peaks related to cubic Cu of space group Fm-3 m. Presence of Cu means that
not all Cu atoms are oxidized. Lattice constant was estimated from XRD data and
found to be very close to the accepted value. XRF data showed that the percent of
Cu2O is large (96.2–99.4%) in all samples, and the impurities are found with small
ratios. The main impurities are due to the use of CuSo4 not washing the samples
before dryin.
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Alumina Feeding System Changes
in Aluminum Electrochemical Cell
with D18 Technology for Energy Efficiency
(Case Study: Almahdi-Hormozal
Aluminum Smelter)

Mohsen Ameri Siahooei, Alireza Samimi and Borzu Baharvand

Abstract Aluminum reduction cells have benefited from point feeding technology
for a long time, but there are still smelters which are using the old technology of
center break and center feed system. Due to several factors this system is no longer
approved and there have been a few attempts worldwide to upgrade these cells so as
to implement the newer technology by applying mechanical and automation
changes. In this paper we will present an attempt which was made in order to
retrofit a so-called center break cell to point feeder cell. The results show that this
project has decreased the energy consumption and anode effect frequency. Fur-
thermore, there has been a significant increase in current efficiency.

Keywords Efficiency ⋅ Energy performance indicator ⋅ Manufacturing
Normalized statistical distributions

Introduction

Almahdi Aluminium Corporation (AAC), once considered a modern plant, is now
concerned with the issue of old reduction cell technology which is far away from
currently used technologies. The plant which is located near the city of Bandar
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Abbas, has a total number of 240 reduction cells which utilize center break and
center feed systems. The amperage of the production line is 175 kA which is about
half the amperage of modern cell technology. After the Iranian targeted subsidy
plan in 2010 which aimed to replace subsidies on food and energy with targeted
social assistance, the price of energy has risen massively. The impact of such
noticeable increase on primary aluminium industry was so intense which that it
triggered the production section to review and assess its lavish power consumption
and search for inexpensive schemes to retrofit its systems and structures.

After the Iranian targeted subsidy plan in 2010which aimed to replace subsidies on
food and energy with targeted social assistance, the price of energy has risen mas-
sively. The impact of such noticeable increase on primary aluminium industry was so
intense that it triggered the production section to review and assess its lavish power
consumption and search for inexpensive schemes to retrofit its systems and structures.

One of the defined R&D projects in AAC was called “Retrofit Upgrade of Center
Break Cell Technology to Point Feeding Cell Technology”. The project was
assigned to an Iranian engineering and consulting company and a group of expe-
rienced engineers from AAC [5].

Model

The scope of the project included mechanical and industrial control and automation
alterations and optimizations required in order of converting the existing center break
reduction cell to a point feeder reduction cell. These modifications are as follow.

Mechanical

Different ideas were developed and different models were tested and compared. In
all cases, required mechanical changes were sketched and modelled using Solid-
WorksTM software and appropriate detailed drawings were developed.

Mechanical changes can be categorized into two groups as follows:

Off-site Mechanical Changes

This group of changes includes those changes which could be applied in the repair
shop such as sheet metal work, pneumatic jack installation, pneumatic piping
installation and ore hopper adjustments. Due to the fact that the superstructure was
designed for a center break reduction cell, a few parts had to be removed such as the
ore gate and the center breaker system and a few parts needed to be added to the old
superstructure such as point feeder jacks and point breakers.
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On-site Mechanical Changes

The main challenge of the project was that some of the main mechanical changes
and modifications had to be applied after the reduction cell was set in operation.
This meant a working atmosphere with high temperature, intense magnetic field and
sometimes hazardous alumina dust. For example, welding process was hindered by
the considerable magnetic field inside pot room and special techniques were applied
wherever necessary.

Control and Automation

Level one automation system of an aluminum reduction cell consists of the fol-
lowing parts:

• Analog and digital input and output monitoring unit

• Online voltage and current processor of the cell

• Alumina feeding system

• Anode movement system

• Noise detector and control unit

• Metal tapping unit

• Anode changing and beam rising system

• Automatic anode effect termination system

• Level two interconnection unit

• Local panel connection unit.

In order to apply the control philosophy of this system, several modifications
were required because the current system was designed based on central breaking
and feeding. The new control system utilizes smart methods in different parts
especially in the voltage control unit.

Results and Discussion

Improvement of Technology

The aluminium reduction cell’s technology of D18 kind from Almahdi Aluminium
Company of dubal with 18 pre bak anodes per pot, is designed based on the Kaiser
P69. The cells are installed side-by-side.

Studies done on similar D18 technology pots and using the experience and
control system from Dubal aluminium production pots, some changes were made to
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one of Almahdi’s pots. The goal was to improve productivity and reduce the costs
through decreasing the energy consumption and improving control and feeding,
This article describes these changes and results (Figs. 1 and 2).

Alumina Feed

Normally, the center line of hard crust is broken by cortex breaker jacks. In this
method, there is no good control on the added alumina and while loosing much heat
from central channel, also during each break large amounts of hard solid crust,
entered into the molten bath and disturb the pot’s stability. By chaning the feeding
system to point feed, Almahdi company was able to increase the height of alumina
covering on the anodes, reduce the metal and some changes bath chemistry, thus
decreasing waste heat in turn reduced the voltage of pot and specific energy con-
sumption. Also with these changes, the occurrence of anode effects significantly
reduced and alumina usage was controlled better which resulted in a significant
decrease of sludge on the pot’s cathode. Feeding program contains four stages
including: base feeding program program, program and an overfeed program with
different amounts of alumina feeding in each stage. The algorithm of feeding is
shown in Fig. 3.

Fig. 1 Programming and
upgrade PLCs5 to PLCs7
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Control System

In software system, the local control of present pots, the voltage setting in two
different phases is done by anode’s motion and failing and central canal feeding
which by induction of some changes and covering the algorithm of intelligent
feeding control, based on need and anode’s simultaneous motion in phase 4 has
been shown. In Fig. 3, the process of feeding is sown. To enable compatibility with
present level 2 system some changes where necessary in other software parts and
also some adjustment in hardware. These changes along with applying the new
feeding algorithm, enabled changes in bath chemistry and working conditions as
(Fig. 4).

Fig. 2 Pot with center work
(breaker)

Fig. 3 Pot with point feeder

Fig. 4 Simulation and
modeling superstructure
Almahdi Aluminum Smelter
and modified to a point feed
cell
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Operating Conditions and Bath Chemistry

By converting to point feeders, 4 small holes along the central line are used and
4.4 kg alumina are added in each feed Crust breaking and feeding is done sepa-
rately by two compressed air cylinders. The most important advantage of point
feeding is that the concentration of alumina in the bath remains almost constant and
less fall in of crust occurreds, thus causing the process to work optimally in constant
condition and increase the yield of the pots.

The feeding point, should be where the bath has the highest speed. so the best
place is the middle channel close to the anodes corners. It should be noted that for
point feeding to work optimal a hole in the hard crust must be kept open constantly.
Average temperature in the central break feed system is 970 °C. This could be
reduced and in the new feeding system to about 962 °C. Excess aluminium fluoride
levels of about 8% were achieved average pot voltage is 4.56 V. The height of
molten metal could decreased by 4 cm and this helped in reducing the pot’s
resistance, working average voltage, anode effect frequency and finally energy
consumption. With these changes, the current efficiency could be increased by 3%.
In Tables 1 a comparison between Almahdi’s present pots performance with central
feeding and new pot performance with the point feeding system is presented
(Fig. 5).

Table 1 Compare the operation between center work pot and point feeder pot

Property Unit Center work Point feeder

Time between two feeding min 60 3
Pot temperature °C 970 962
Discharge mass Kg 100 4.4
Anode effect frequency AE/pot.day 0.75 0.21
Current efficiency % 90.6 93
Pot voltage V 4.96 4.56
Power consumption kWh/t Al 16.4 14.6
CO2 in the off-gas % 1.4 0.5
CO in the off-gas ppm 1650 551

Fig. 5 Pot simulated
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Conclusion

Almahdi Aluminum Corporation has defined a number of research projects in order
to improve the technology and reach a higher efficiency. One of these projects was
to improve the ALUMATIC control hardware unit which was a prerequisite for the
point feeding retrofit upgrade.

Voltage and current control and monitoring is done via this unit. Also, required
mechanical modifications were applied during the project (Fig. 6).

This upgrade was experimentally applied on pots No. 2 and No. 7 along with the
replacement of the ALUMATIC hardware with a well-developed hardware called
ALUMARAD. This new system uses a SIMATIC S7 PLC unit.

The results confirm the success of the project and the normal conditions of the
pot working parameters encouraged the team to expand the project scope. Now,
after successful termination of this R&D project, the company is upgrading a
section of 30 reduction cells.

The results show that by changing the feeding system to point feed and improve
the control of pot through an improved feeding program based on demand-feed,
without major changes in current automation system and improvement of some
practical condition, the height of molten metal could be decreased by 4 cm. By
changes of the additional fluoride aluminium mount setpoint, a bath temperature of

Fig. 6 Adaptive feed control
strategy
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962 °C can reached and a cell voltage about 4.56 V. The specific energy con-
sumption could be lowered from 16.4 kWh/kg- to 14.6 kWh /kg-Al.

It should be note that now 2 executive projects are under way for improve the
pot’s operational conditions and also for promoting the central control system,
recovery of control and pot feeding algorithm by using modern methods which
promise the availability of technology and intelligent control of recovery pots
through advanced methods and high benefits in aluminium industry in near future.
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Hot Ductility of X70 Pipeline Steel
in Continuous Casting

Wenxiang Jiang, Mujun Long, Dengfu Chen, Huamei Duan,
Wenjie He, Sheng Yu, Yunwei Huang and Junsheng Cao

Abstract Transverse cracks in continuous cast steel may easily form if the hot
ductility of the continuous cast steel is poor at the straightening stage. In this paper,
the hot ductility of X70 pipeline steel was studied at various temperature from 600
to 1300 °C. The results show that the steel has a good hot ductility (RA above 70%)
at 800–1000 and 600–650 °C. And the steel exhibits a hot ductility trough (RA
below 80%) at 650–800 °C, which is mainly contributed to the austenite–ferrite
transformation. For further understanding the low ductility, the fracture surface was
examined by scanning electron microscope, and the second phase particles was
examined by energy spectrum analysis. The results indicate that the low ductility of
the steel is affected by the equiaxed (Fe, Mn)S precipitate as well as austenite
transformation at the third brittle zone.

Keywords Transverse crack ⋅ Continuous cast ⋅ Hot ductility
Transformation

Introduction

The significant economic advantages of transporting gas and crude oil by pipeline
necessitates higher quality and higher strength pipeline steels [1], which requires
higher quality continuous cast steels. However, the transverse cracks in continuous
cast steel has been on of the main problem for decades. It usually forms at the
temperatures with low ductility [2]. To prevent cracking during continuous casting
process, many studies [3–7] have been performed on hot tensile tests of the sus-
ceptible grades of steel. And hot ductility [8, 9] is one of the most important
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information provided by the hot tensile test result, which is evaluated by the
reduction of area of the test specimen. Usually, when the reduction of area of the
test specimen is below 60% [10], the plastic deformation capacity of continuous
cast steel is bad.

The hot ductility is mainly affected by the phase transition, the second phase
particle, strain rate and cooling patterns. Mintz [11] has reported that a thin film of
ferrite forms around the austenite during cooling, and the ferrite is softer than
austenite, all the deformation concentrate on the thin ferrite, which lead to low
ductility and ductile intergranular failure. Cardoso et al. [12]. studied the rela-
tionship between ferrite content with hot ductility, in order to ensure the good hot
ductility (the reduction of area is above 60%), the content of the ferrite should be
above 40% in aluminum steel. There are many workers [13] quantitatively studied
the austenite transformation based on the thermal expansion method.

In this paper, the hot ductility of X70 pipeline steel was studied at various
temperature from 600 to 1300 °C. And the austenite–ferrite transformation at dif-
ferent cooling rate was measured by DIL402C dilatometer. For further under-
standing the low ductility, the fracture surface was examined by scanning electron
microscope, and the second phase particles was also examined by energy spectrum
analysis.

Experimental Procedures

The high temperature mechanical property of X70 pipeline steel was measured by
the hot tensile test on the Gleeble-1500D thermo-mechanical simulator, and the
basic chemical composition of the steel is given in Table 1. Cylindrical tensile test
specimens of 10 mm in diameter and 120 mm in length were taken from contin-
uously cast slab. The specimen longitudinal axes parallel to the casting direction.
As a preparation for the experiment, a vacuum atmosphere of 1.33 × 10−5 MPa
was maintained in the chamber to prevent oxidation of the specimen as well as
minimizing the heat convection. The thermal history used in tensile test was
described as follows: the specimen was heated at a rate of 20 °C/s up to 1300 °C
and held for 60 s at first to take all the micro alloying precipitation into solution,
and then cooled at a rate of 1.65 °C/s down to each testing temperature in the range
700–1000 °C and held for 30 s before deformation. At the test temperature, the
specimen was stretched at a certain strain rate of 5 × 10−3 s−1 to simulate the high
temperature deformational behaviors of the strand during the continuous casting
process for slab, especially during the unbending operation.

Table 1 Chemical composition of the specimens (mass %)

C Si P S Mn Cr V Ti Nb

0.06 0.25 0.0098 0.0016 1.64 0.032 0.035 0.013 0.037
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For better understanding the hot ductility which is closely relate to the phase
transformation, the dilatometry experiments were carried out with a DIL402C
high-resolution dilatometer. Cylindrical specimens 25 mm in length and 4 mm in
diameter were employed. The cooling regimen is described as follows; steel sam-
ples were heated up to 1000 °C with a heating rate of 5 °C/min, kept for 5 min at
this temperature to homogenize; and then cooled to 200 °C with three different
cooling rates, including 5, 10 and 20 °C/min. During the process, a stable argon gas
flow of 20 mL/min was maintained in the dilatometer chamber to protect the
samples from being oxidized. The relative changes in length of the samples were
recorded online.

Results and Discussion

Phase Transformation

Figure 1 shows that the relative change of the steel samples length at various
cooling rates. It indicates that the relative change of the sample length is a function
of temperature and decreases with the decreasing of the temperature because of the
contraction in continuous cooling. In the single austenite region (above Ar3) and the
ferrite region (below Ar1), the relative change of the steel samples length shows a
linear change. However, each dilation curve shows an uplift zone, where the
austenite transformation takes place. With the increasing of the cooling rates, the
uplift zone moves toward low temperatures.

Based on the measured dilation curve (shown as Fig. 1) during continuous
cooling, the linear thermal expansion coefficient of the steel can be definitely
obtained as:

Fig. 1 Dilation curves of X70 pipeline steel obtained at various cooling rates
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β=
1
LT

×
dLT
dT

ð1Þ

where LT and dLT are the length and the length change of the sample and dT rep-
resents the corresponding temperature interval.

The critical temperatures of austenite transformation, including the values of Ar3
and Ar1, are defined as the points at which the relative change of length first deviate
from its initial trend, which could be responded more obvious in the curve of
thermal expansion coefficient shown as Fig. 2. The thermal expansion coefficient of
the single austenite region and the single ferrite region is basically steady at around
2.24 × 10−5 (°C−1) and 1.64 × 10−5 (°C−1) respectively with small fluctuation,
which fits well with that reported in previous works [14–16]. The critical temper-
atures of austenite transformation observed in Fig. 2 are summarized in Table 2.

It can be seen that the critical temperatures of austenite transformation, including
Ar3 and Ar1, decease with the increasing of the cooling rates. In order to predict the
critical temperatures of austenite transformation at more wide range cooling rate, an
empirical model [17] which was verified is used in the paper. Finally, the regression
equations of the model could be written as follows:

Ar3 ð◦CÞ=798.8 − expð4.71− 4.1 ̸CRÞ ð2Þ

Ar1 ð◦CÞ=627.14 − expð5.13− 17.8 ̸CRÞ ð3Þ

Fig. 2 Thermal expansion coefficient of X70 pipeline steel at different cooling rates

Table 2 Critical
Temperatures of Austenite
Transformation for X70
pipeline steel

Cooling Rate (°C/min) 5 10 20

Ar3 (°C) 751.5 721.6 710.5
Ar1 (°C) 619.3 600 557
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where Ar3 represents the start temperature of austenite transition, and Ar1 represents
the end temperature of austenite transition, CR means the cooling rate.

Hot Ductility and Fractography

The reduction of area (%RA) is an effective way to evaluate the hot ductility of the
fractured specimen. Accordingly, the reduction of area of X70 pipeline steel with
the cooling rate of 1.65 °C/s was obtained, and is shown in Fig. 3. However, there
is a holding time before tensile test, the holding time could be considered as
equilibrium state during the austenite transformation. Therefore, the corresponding
critical temperatures calculated by the empirical model (Eqs. 2 and 3) at equilib-
rium state (the cooling rate is zero) were also marked in Fig. 3.

It could be seen form Fig. 3 that there are two obvious brittle zones, the first
brittle zone and the third brittle zone. The first brittle zone of the X70 pipeline steel
appears at the place where the temperature is above 1250 °C, which is related to the
dendritic segregation [18].

The third brittle zone appears at the temperature range of 650–800 °C. And the
start temperature of the austenite formation is exactly 798.8 °C which is also the
start temperature of the hot ductility getting bad. The ductility curve of X70 pipeline
steel presents best hot ductility at the temperature range from 1150 to 850 °C, in
which the ductility value is greater than 80%. To improve surface quality and
internal quality of continuous casting steels, the surface temperature of the slab,
especially in the area of straightening where great stress occurs, should be con-
trolled in the temperatures avoiding 650–800 °C.

For butter understanding the variation of the hot ductility at different tempera-
tures, especially the bad hot ductility at the temperature range from 800 to 650 °C,
the facture surface of the tensile specimens was examined by SEM, and the second
phase particles was examined by energy spectrum analysis (EDS), shown as Fig. 4.

Fig. 3 The hot ductility of X70 pipeline steel at different temperatures
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As can been seen in Fig. 4a, e, the fracture mode of the X70 steel specimen is
ductile failure with dimples. And the smaller and deeper size dimples in Fig. 4a is
observed, which means the samples could experience larger plastic deformation
before failure, therefore, the hot ductility is good at 650 °C (R.A. of the steel is
above 85%). At the temperature of 750 and 700 °C, the intergranular and trans-
granular fracture were observed, leading to brittle fracture under small deformation,
what’s more, the EDS results shown in Fig. 4c which is also the area of the red
frame in Fig. 4b, indicate that the equiaxed (Fe, Mn)S precipitate makes the ability
of the plastic deformation worse.

Conclusions

The hot ductility of the X70 pipeline steel at high temperature was studied, and the
main conclusions can be summarized as follows:

(1) The steel has a good hot ductility (RA above 70%) at 800–1000 °C and 600–
650 °C. And the steel exhibits a hot ductility trough (RA below 80%) at 650–
800 °C.

(2) The low ductility of the steel is affected by the equiaxed (Fe, Mn)S precipitate
as well as austenite transformation at the third brittle zone.

Fig. 4 Electron scanning micrographs, and EDS results of the samples: a 650 °C, b 700 °C,
c EDS at 750 °C, d 750 °C, e 800 °C
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Ductile Fracture Assessment of 304L
Stainless Steel Using 3D X-ray
Computed Tomography

A. J. Cooper, O. C. G. Tuck, T. L. Burnett and A. H. Sherry

Abstract Stainless steel manufactured by hot isostatic pressing (HIP) has been
shown to exhibit significant differences in ductile fracture behavior when compared
to equivalently graded forged steel, due to differences in oxide particle concen-
tration between the two manufacture routes. Herein we analyse and quantify the
ductile damage characteristics in the fracture process zone of equivalently graded
forged and HIP 304L steel using 3D X-ray computed tomography (CT). Ductile
void characteristics have been found to vary in size, shape, and spatial distribution;
data which are in agreement with the differences in distribution of initiation par-
ticles in HIP and forged steel. Using advanced X-ray CT to characterize ductile
damage, experimentally determined data can be employed to calibrate existing
well-known ductile failure models, developing both our current understanding of
ductile failure as well as a predictive tool to simulate fracture in novel HIP
components.
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Introduction

Near net shape (NNS) manufacture is an emerging route for producing structural
components used in the nuclear industry. Of these, hot isostatic pressing (HIP), the
consolidation of an alloy powder in a mould under high temperature and pressure,
has been shown to be effective for producing complex geometry components
without the need for welds; thus reducing costs, accelerating manufacturing time,
and improving performance [1–4].

One of the fundamental differences between equivalently graded forged and HIP
steels lies in the measured oxygen concentrations in the bulk material, with HIP
steels typically exhibiting oxygen concentrations over an order of magnitude greater
than those found in equivalently graded forged steels. This increase in oxygen
content is thought to arise as a result of metal powder surface oxidation [5] during
powder storage and handling, and the oxygen manifests itself in the form of
non-metallic oxide inclusions, evenly distributed throughout the HIP’d
microstructure. It has been proposed that the finer distribution of oxide particles
facilitates the ductile fracture mechanism by acting as additional initiating sites for
void nucleation and growth [6–8]; the initial stages of the classical ductile fracture
mechanism. This results in reducing the distance over which ductile damage (in the
form of voids) is required to grow before resulting in void coalescence with
neighbouring voids, thus permitting fracture at smaller levels of plastic strain, and
causing an unzipping effect throughout the material microstructure. This difference
in ductile failure mechanism is reflected in the measure fracture toughness values
(J0.2BL) for these the two materials; 1000 kJ m−2 and 1750 kJ m−2 (reported pre-
viously [9]) for HIP304L and F304L, respectively.

Although correlations have been established linking oxygen concentration, oxide
particle area fraction on metallographic sections, Charpy impact toughness, and
differences in ductile dimple characteristics, thus allowing for the development of
this working hypothesis [9–12], it has so far not been possible to obtain ‘statistically
significant’ information regarding the ductile void growth characteristics during
failure, on which the developed understanding hinges. SEM offers high resolution
to probe ductile void characteristics below the fracture surface of sectioned test
specimens, however it can be challenging and inefficient since fractured test
specimens often exhibit very few voids on each metallographic plane (shown later);
analysis therefore requires numerous sections to be prepared and analysed in order
to build up an accurate representation of global damage.

In contrast, three-dimensional X-ray computed tomography (CT) offers the
ability to study ductile damage in significantly greater detail than has hitherto been
observed experimentally, probing the internal void structure of materials and pro-
viding quantitative data on the shape, size, spatial distribution, and volume fraction
of voids formed below the fracture surface during ductile failure. Importantly,
X-ray CT allows for the collection of data with ‘statistical significance’, whereby
imaged specimens may contain thousands of measureable voids that have
been subjected to a known stress state and/or loading conditions. In recent years,
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X-ray CT has been employed as a tool to study microvoid coalescence in a variety
of alloy systems [13, 14], and quantitative X-ray CT has been shown [15–17] to be
a promising tool for the determination of ductile damage parameters to inform the
predictive model for ductile failure developed by Gurson, Tvergaard and Needle-
man [18–20].

The Gurson-Tvergaard-Needleman (GTN) model is one of the more popular
classical approaches used to predict ductile failure in materials. It is based on a yield
criterion for a porous medium, which assumes the influence of damage (in the form
of voids) on plastic flow can be accounted for by averaging the behavior within a
discrete material volume element using a homogeneous continuum mechanics
approach. The model accounts not only for material strain hardening but also the
softening that occurs as a result of the nucleation and growth of voids during plastic
flow. The model is able to predict material failure, which is assumed to occur when
a critical volume fraction of voids is attained within the volume element. However,
the implementation of the GTN model is not straightforward; it contains a number
of parameters, some of which are interdependent, that must be appropriately cali-
brated for the material of interest. These parameters are assumed to be material
constants, relating to the microstructural characteristics and nature of damage
accumulation; once calibrated against a particular dataset can be used to predict
ductile failure in other geometries under different loading conditions. Typically,
calibration of the GTN model is achieved iteratively, by estimating parameter
values using the results of previous studies, performing a Finite Element Analysis
(FEA) of laboratory fracture mechanics tests using these parameters, and comparing
the simulation results to the experiment, and adjusting the parameters accordingly.
This can be very time consuming, and the varying methods used to adjust the
parameters by different researchers can lead to very different parameters for the
same material and test conditions [21, 22]. Furthermore, the underlying physical
processes involved do not guide the adjustment of parameters; there is a danger that
values of the calibrated parameters bare little correspondence to the physical
quantities they are meant to represent. Quantitative microstructural analyses are
therefore needed to better inform the setting of parameters. Hence, not only can
XCT studies improve our comprehension of ductile fracture by providing qualita-
tive information regarding failure mechanisms, but are also able to deliver quan-
titative data to support the calibration of predictive models.

In this paper, the ductile fracture behaviour of 304L stainless steel is examined
using X-ray CT, and we explore various avenues through which the GTN model
could be calibrated using the experimental data.

The three-dimensional tomography scans were performed on an instrument
capable of resolving voids of only a few microns in size, allowing for an accurate
mapping of void populations without the need for laborious metallographic anal-
yses as well as allowing for the analysis of a much larger sample size. Furthermore,
the results of the X-ray CT were processed to generate quantitative data for dis-
tributions in void size and spacing.

This work expands on previous work, providing additional experimental evi-
dence to highlight the differences in mechanistic ductile fracture between HIP and
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forged variants of 304L stainless steel, and employs the use of SEM to study the
differences in microstructural damage ahead of and surrounding the crack tip of
sectioned failed test specimens. This work also expands on the work by Daly et al.
[15, 16], who employed the use of 3D X-ray CT to probe ductile damage in SA508
weld metal in order to improve the calibration of the Gurson, Tvergaard and
Needleman [18–20] ductile fracture model, by investigating approaches to
approximating the fracture surface of cores which exhibit a large depth of fracture
process zone.

Background: Continuum Damage Mechanics Models

The GTN model is an example of a continuum damage mechanics model in which
the influence of an initial volume fraction of porosity (f0), the nucleation and growth
of said porosity as well as newly initiated voids, and subsequent coalescence of
voids on the load-bearing properties of material elements is simulated. The model is
integrated into the constitutive equation of material behaviour within FEA such that
the plastic flow potential (Φ) is given by:

Φ=
σeq
σf

� �2

+ 2q1fcosh
3q2σh
2σf

� �
− 1+ q1fð Þ2
� �

ð1Þ

where σeq denotes the von Mises equivalent stress, σf denotes the matrix flow stress,
σh denotes the hydrostatic stress and q1 and q2 denote material parameters first
introduced by Tvergaard who defined q1 = 1.5 and q2 = 1.0 [18, 19].

The void volume fraction f is calculated from the growth rate of initial porosity,
f ġr, and the nucleation rate of newly initiated voids, f ṅu. The growth rate of the total
void volume fraction is derived from the plastic part of the strain rate tensor. The
nucleation rate of new voids is related to the equivalent plastic strain rate

f = f ġr + f ṅu = 1− fð Þε ̇pii +Aε ̇peq ð2Þ

where

A=
fN

SN
ffiffiffiffiffi
2π

p exp −
1
2

εpeq − εN

SN

� �� �
ð3Þ

where the parameter fN denotes the volume fraction of particles that initiate new
voids and εpeq is the equivalent plastic strain. The parameters εN and sN define a
normal distribution of nucleation strain with εN being the mean strain and sN the
standard deviation.

Tvergaard and Needleman [20] included a rapid increase in void volume fraction
at high plastic strains to simulate the coalescence phase in the ductile fracture
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mechanism. They added a parameter f* to replace f so that above a critical value,
denoted fc, there is a rapid increase in f* to account for coalescence and the rapid
softening of the material just prior to failure. Below this critical value, f* is equal to
f defined by Eq. (2), i.e.

f ⋇ fð Þ= f for f ≤ fc
fc +

f ⋇U − fc
fF − fc

f − fcð Þ for f > fc

(
ð4Þ

The void volume fraction fF is the value of f* at which final fracture is deemed to
have occurred. The parameter f *u =1 ̸q1.

In summary, the primary parameters that require calibration are the following: f0,
fc, fF (that describe void growth and coalescence to failure), εN, sN, fN (that describe
void nucleation), q1 and q2. Since GTN models are solved using FEA, another
parameter, associated with the crack-tip mesh size within the model must also be
determined since results are dependent on the resolution of stress and strain fields at
the crack-tip. This parameter, the crack-tip mesh size, denoted Lc, is related to the
spacing of the large oxide inclusions, since the most prominent voids observed
using tomography are likely to initiate at these large oxide particles.

Experimental

Material

The material examined was hot isostatically pressed 304L material, supplied by
Areva, and forged 304L stainless steel by Creusot Forge et Creusot Mécanique,
Areva (Le Creusot, France). For HIP304L, stainless steel grade 304L powder was
heated from ambient temperature to 1123 K (1150 °C) at a rate of 633 K (360 °C)
h−1 and held at 1123 K (1150 °C) and 104 MPa for a period of 180 min. Post-HIP
heat treatment of HIP304L was performed by heating from room temperature to
1343 K (1070 °C) at 633 K (360 °C) h−1, held for 280 min, and water quenched.
Forged 304L pipe was subjected to similar heat treatment as the HIP materials
(1343 K (1070 °C), for ca. 250 min) and water quenched.

The materials’ elemental compositions (weight %) and grain sizes are tabulated
in Table 1. Grain size measurements were conducted in accordance with ASTM
E112-96. [23]

J-R fracture toughness testing was performed on F304L and HIP304L, the
experimental details and results of which are presented in a previous study [11].
Specimens selected from the fracture toughness testing for analysis herein were
loaded to an applied J and crack growth of 742 kJ m−2/ 0.454 mm and 672 kJ m−2/
0.367 mm, for HIP304L and F304L, respectively. These specimens were selected
as they exhibited the smallest degree of crack growth and loaded to the smallest
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applied J, in an attempt to assess specimens which were loaded to within the Jmax

validity limit of 738 kJ m−2, as determined using ASTM E1820 [24].
Specimens prepared for metallurgical analysis were sectioned, mounted, ground,

and polished in accordance with the recommended procedures in ASTM practice
E3-01 [12].

Electron microscopy was performed using an FEI Quanta 650 ESEM and an FEI
Sirion SEM, both equipped with field emission guns and Electron Back-Scattered
Diffraction (EBSD) detectors, and a Hitachi S-3700 scanning electron microscope
equipped with Oxford Instruments INCA X-ACT energy dispersive spectroscopy
for semi-quantitative chemical analysis. The SEM was performed under vacuum
using a 20 kV accelerating voltage and a spot size of 4.0 nm, at a working distance
(WD) of approximately 10 mm.

Tomography Specimen Preparation

Cylindrical core specimens were extracted from failed C(T) specimens (HIP304L
and F304L) using electro-discharge machining (EDM). The samples measured
approximately 0.5 mm in diameter and 20 mm in length. Three cores were
extracted along the ductile tearing zone of each C(T) specimen, and a single core
was extracted in a region of the machined notch far from any crack propagation;
this was taken in order to detect the presence of any initial voids within the material
in order to distinguish between initial porosity and ductile damage. Extraction of the
cores from the ductile tearing region was located as central to the specimen as
reasonable possible, such that the material under investigation had been subjected to
plane strain conditions.

The extraction plan for the cores is shown in Fig. 1.

Table 1 Elemental composition

Grain
size

Cr Ni Mo Mn Si C O/
ppm

N/
ppm

304L Spec.
(%wt.)

– 18.5–
20.00

9.00–
10.00

– <2.00 <1.00 <0.035 200 –

Forged 94 μm 19.40 9.648 0.345 1.654 0.573 0.027 15 817
Powder
(%wt.)

– 19.2 9.44 – 1.37 0.74 0.022 110 –

HIP
(%wt.)

27 μm 19.5 9.45 0.01 1.33 0.72 0.022 120 840
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3D X-Ray Tomography

3D rendered X-ray CT was performed on each core using a Zeiss Versa 500
machine with a 4X objective, using 100 kV X-rays and 9 W power. An exposure
time of 8 s was used, and an LE3 filter was employed. A final voxel size of
0.75 μm3 was obtained, for the 4X scans.

Data processing was performed using Avizo
®

9.0.0 software. In order to reduce
image noise and improve contrast between voids and metal, an edge-preserving
smoothing filer was applied to the data. The immediate surface perimeter of the core
was cropped by five voxels to remove the very porous surface as a result of EDM
machining of the cores, which may contribute to the inaccurate rendering of voids.
The procedure used to segment voids and metal in the X-ray CT reconstructed
images is detailed by Daly et al. [16]; to which the reader is directed for details.
Void segmentation was performed such that any voids in any contact with the
fracture surface were assigned to the air surrounding the core. This was to ensure
consistency when segmenting voids close to/in contact with the fracture surface. In
order to quantify size, shape, and nearest neighbour distances of voids, the spatial
coordinates and volumes of each void were extracted. In order to manipulate the
data usefully, it is useful to know the spatial location of damage relative to the
fracture surface; various methods were explored for this and are detailed in
the results section.

Fig. 1 EDM sample extraction plan. Three samples were extracted for each specimen within the
ductile tearing zone (Left (L), Centre (C) and Right (R)) of a failed CT half specimen. A fourth
sample was extracted behind the fatigue pre-crack away from any ductile damage
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Void volume fractions were calculated as a function of distance from the fracture
surface, and was determined by calculating the volume fraction of each recon-
structed ‘slice’, where a slice had a thickness equal to that of the voxel resolution,
e.g. 0.75 μm.

Results

Table 1 shows the elemental composition of the two materials studied, the speci-
fication for 304L, as stated on the material certificate for 304L, is also tabulated.
Both of the materials are within specification. The oxygen concentration is not
usually specified on materials certificates; however it is clear that the oxygen
content in the HIP304L is over an order of magnitude greater than that of F304L.
This observation was also made in previous stainless steel studies [9–11].

Figure 2 shows reconstructed CT scans of cores extracted from regions far away
from the ductile tearing zone, for (a) F304L and (b) HIP 304L. In both specimens,
there appears to be a small volume fraction of particles that are above the 0.75 μm
resolution of the CT scans. Because no porosity has previously been observed in
these materials [10, 11], it is believed that the particles are non-metallic oxide
inclusions. 57 and 74 inclusions were resolved in the HIP304L core and F304L
core, respectively. The average radii of the oxide inclusions in the cores were
measured to be 2.86 μm and 2.67 μm, for HIP304L and F304L, respectively. It is
important to note that there will be a appreciable number of inclusions in the
microstructure that are smaller than the resolution of the CT scanner and objective
for this particular experimental setup; indeed previous microstructural analyses of
similar HIP 316L materials revealed oxide inclusions with radii on the order of
0.3 μm [11], which would be below the resolution of these CT scans.

Figures 3 and 4 show reconstructed CT scans of F304L and HIP304L, respec-
tively, and ductile damage is observed below the fracture surface in each core cores
(highlighted blue). It can be seen in Fig. 2 that the voids in the F304L cores display
slight elongation in the direction if maximum principal plastic strain, which is not as
obvious in the HIP304L specimens. It is thought that this is related to the degree of
large scale plasticity surrounding the crack tip, which is significantly more
prominent in the F304L cores than HIP304L, and which results in a more heavily
deformed crack tip region due to excessive levels of plastic strain. Evidence of
much more prominent plasticity in F304L is also shown in the topography of the
cores, whereby F304L cores exhibit a fracture surface on a sharp gradient, in
contrast to HIP304L which exhibit core topography with comparatively flatter
fracture surfaces.

In contrast, the damage below the fracture surfaces of the HIP cores appears
largely spherical, with minimal evidence of elongation. Even by eye, there appears
to be a greater degree of ductile damage in the H304L cores than in the F304L
cores, and damage is localised to a region of approximately 250 μm below the
fracture surface.
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Further evidence of F304L’s higher crack tip deformation is shown in Figs. 5 and
6, which show backscatter electron (BSE) images of sectioned compact tension test
specimens, and highlight the various stages of crack growth; moving from right to
left, fatigue pre-crack, controlled ductile tearing zone (from which the X-ray CT
cores were extracted), followed by the end of ductile tearing and beginning of fatigue
post-crack. The BSE images highlight the degree of microstructural damage ahead of
and surrounding the crack tip, and a clear definable region of large plastic defor-
mation (plastic zone) can be seen at the crack tip of F304L (Fig. 5) with an
approximate radius of ca. 500 μm. In contrast, the plastic zone is much more difficult
to distinguish in HIP 304L (Fig. 6), partially due to the finer grain size, but also due
to significant less crack tip blunting. In both sectioned specimens (Figs. 5 and 6),

Fig. 2 3D rendered EDM cores extracted from the loading pin region of (a) F304L, and
(b) HIP304L, showing a small volume fraction of initial particles in the microstructure

Ductile Fracture Assessment of 304L Stainless Steel … 745



there are clear and significant levels of plastic slip, identifiable by the slip lines
orientated within grains.

It can be seen at the crack tip of F304L that there is a region where the material
resembles complete plastic flow, whereby individual grains are no longer identifi-
able, thus indicating the high levels of crack tip blunting which has occurred during
loading. This is not as identifiable in HIP304L.

It is interesting to note how few voids are visible in the sectioned BSE images in
comparison to the 3D rendered X-ray CT images, which emphasises the 3D nature
of the ductile void damage and highlights how sectioning specimens to assess the
extent of ductile void damage can be both challenging and misleading. This is not
surprising since metallographic sectioning of specimens only reveals ductile dam-
age that is located on the sectioned plane, and it is not possible to determine void
sizes accurately since sectioning does not necessarily, and is very unlikely to, occur
through the centre of the void. This results in voids appearing smaller than the
actual radii they possess.

Fig. 3 3D rendered EDM cores extracted from specimen F304L showing a side view (fracture
surface at the top) of the reconstructed 4X X-ray CT data
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Characterising Ductile Damage

The average VVF data for HIP304L and F304L, as presented in Fig. 7, indicate
very little difference between the two materials when considering damage repre-
sented as VVF; interesting given the materials’ appreciable difference in fracture
toughness.

It is challenging to quantify any differences in ductile damage of HIP and Forged
materials, when representing damage in the form of void volume fractions as a
distance below the fracture surface. This is perhaps a reasonable result, since it
could be argued that in theory, the two materials should exhibit the same volume
fraction of damage at failure, since the HIP material exhibits more, finer voids,
whereas the Forged material exhibits fewer, larger voids.

This argument is further strengthened when characterizing the average void sizes
and the extent of ductile damage in terms of total ‘void count’, which represents the
total number of resolved voids in the material. Total void count has been measured
and plotted as a function of distance below the fracture surface, in bins of 50 μm
thickness, for HIP304L (Fig. 8) and F304L (Fig. 9). The most notable observation
is the much larger total void count for the HIP cores when compared to the Forged
cores; the total number of voids observed in the three F304L cores was 1232
whereas the total number of voids resolved in the HIP 304L cores was 5042, an
increase in over 300%.

Fig. 4 3D rendered EDM
cores extracted from
specimen HIP304L showing a
side view (fracture surface at
the top) of the reconstructed
X-ray CT data
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We have hypothesised this link previously [11], but this is the first time that the
extent of damage associated with ductile failure has been visualized in 3D. In
Fig. 6, the damage can be seen to increase drastically as distance approaches the
fracture surface, to a peak of 700 voids per 50 μm bin size. At this peak of 700
voids per 50 μm bin size, HIP304L exhibits a total number of voids over an order of
magnitude greater than the equivalent distance in F304L, and although we must be
careful when analysing data relative to the ‘fracture surface’, this is in line with
differences in oxygen concentration between the two materials of 15 mm and
120 ppm for F304L and HIP304L, respectively. This could be significant, since it is
important to remember that the voids we are observing are only voids that have
been subjected to plastic strains large enough to cause sufficient void growth to
sizes above the resolution of the CT scanner. It is plausible that the same number of
voids exist within each bin throughout the entire core, but have not experienced
sufficient void growth to permit their resolution in these scans.

We believe the drop-off in void count at distances in close proximity to the
fracture surface is associated with voids that have not been selected in the analysis
due to being involved with the fracture surface, as detailed in the experimental
section. In contrast, this trend is not observed for the F304L cores, and is thought to
be due to having insufficient number of voids to resolve such a trend. If enough
voids were resolved, by sampling more material, it is thought that the same trend
would be observed.

Fig. 5 BSE images of the crack tip of F304L showing the various stages of the fracture process,
and the ductile tearing region from which cores were extracted, as well as evidencing various
damage features; slip bands, material plastic flow, and ductile voids
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Fig. 6 BSE images of the crack tip of HIP304L showing the various stages of the fracture
process, and the ductile tearing region from which cores were extracted, as well as evidencing
various damage features; slip bands, material plastic flow, and ductile voids

Fig. 7 Average VVF fraction data for HIP304L (blue) and F304L (black) as a function of
distance below the core tip
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Fig. 8 Total void count of the F304L cores presented as a histogram with bin sizes of 50 μm as a
function of distance below the core tip

Fig. 9 Total void count of the F304L cores presented as a histogram with bin sizes of 50 μm as a
function of distance below the core tip
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Discussion

Through using X-ray CT to visualise the extent of ductile damage in fractured
compact tension test specimens, various damage characteristics can be extracted
and analysed. It has been shown previously that equivalently graded HIP and
Forged stainless steel exhibits clear differences in fracture and impact toughness, as
well as the number of oxide particles in the microstructure, which act as initiation
sites for the nucleation and growth of voids during ductile failure. Whilst the spatial
distribution of these initiating particles varies significantly between HIP and forged
304L, the stress strain behaviour of the materials has been previously reported as
being comparable exhibiting similar strain hardening behaviour, which indicates
that the rate of void growth should be similar for specimens tested under equivalent
loading conditions. The rate of void growth can be estimated using various void
growth models, such as those proposed by Rice and Tracey [25] and McClintock
[17], and indeed Rice and Tracey calculations have been shown to glean compa-
rable results for both HIP and forged 304L [9]. This is significant since it suggests
that the ductile fracture mechanism of these two different steels is not governed by
the void volume fraction of voids below the fracture surface, and instead is dom-
inated by the inter-particle distance of nucleating voids. This is perhaps intuitive,
since the total volume fraction of fewer, larger voids (as seen in the forged speci-
mens) would be expected to equate to the total volume fraction of more, finer voids,
at void coalescence and fracture initiation, if said voids are assumed to grow with
comparable growth rates.

Indeed, the coalescence stage of failure will occur at different levels of plastic
strain for two materials exhibiting different average inter-particle spacing, but the
VVF of ductile damage below the fracture surface at each material’s respective
fracture initiation, providing the materials exhibit similar strain hardening beha-
viour, should be comparable. Though this has formed the basis of a working
hypothesis for recent works, this is the first set of experimental data evidencing how
the ductile damage evolves between the two materials during failure. Significantly,
if little differences between VVF data are discernible, then significant differences
between the void size, distribution, and frequency should be observable in order to
explain the differences in fracture and impact toughness previously reported. The
total number of resolvable voids was found to be 5042 for HIP and 1232 for F304L,
an increase in over 300%. The average void radii were found to be 3.58 μm for
HIP304L and 5.46 μm for F304L; a 53% increase in average void size for F304L.
Voids in HIP304L were found to be more finely spaced than in F340L, with a
reduction in distance on average of 16.34 μm. These significant differences in
ductile damage characteristics are representative of the difference in fracture
toughness between the two materials.

In principle, it is well within the capability of X-ray CT to accurately charac-
terise the damage that accumulates during ductile failure. It has been shown here
that void volume fractions, nearest neighbour distances, and void shapes and sizes,
which are all characteristic of ductile failure, can be measured in 3D using X-ray
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imaging, and these data can be employed in continuum damage mechanics models
such as the GTN model. The GTN model in particular employs the use of void
volume fractions to quantify damage at various stages of failure (fn, fc, and fF) as
well as an additional void volume fraction parameter associated with the initial
porosity in the material (f0). The challenge here is to assign particular void volume
fractions to the various stages of ductile failure (void nucleation, growth, and
coalescence) which might be possible through the use of nearest neighbour distance
and void shape characteristics. The specimen cores analysed in this work can be
thought of as capturing the failure history of the test specimen. Voids that are
located remote from the fracture surface (and crack tip), and which reside towards
the limit of the plastic zone can be associated with void nucleation, rather than
growth and coalescence. These voids are not subjected to sufficiently high plastic
strains such as to cause necking and coalescence with neighbouring voids, because
they do not have the opportunity due to the failure process at the crack
tip. Therefore it might be plausible to assume a region remote from the fracture
surface, within which there average void volume fraction can be associated with fn.
Similarly, in regions close to the fracture surface, voids will experience levels of
plastic strain sufficiently large enough to result in coalescence with neighbouring
voids. These voids, as a result of the necking process, are expected to exhibit
non-sphericalness, and it might be possible to assign a probability of coalescence
based on void geometry. Finally the void volume fraction of damage associated
with failure (fF) may be characterised using the measured void volume in direct
contact with the fracture surface of the cores. The void volume fraction associated
with initial porosity (f0) is associated with porosity (or voids) in the initial unloaded
microstructure (i.e. inclusions at which voids form). As shown previously, X-ray
CT might not be the most appropriate method to determine this parameter, since the
vast majority of non-metallic inclusions in the microstructure will have radii, which
are below the resolution of even the most advanced high-resolution CT scanners.
Scanning electron microscopy on several sections of material, or indeed through the
use of Plasma focused ion beam (FIB), would be the most appropriate methodology
to obtain accurate void volume fraction data associated with f0.

Clearly there are several approaches that could be employed here to separate and
assign damage to the various stages of ductile failure, which merits its own separate
investigation and sensitivity study. As well as the various stages of failure, the GTN
model assumes an inter-particle spacing (implemented into an FE model via the
mesh size). This inter-particle spacing can be assumed to be the nearest neighbour
distance of voids observed using X-ray CT. It is important to realise here that voids
close the fracture surface (and crack tip) will experience sufficiently large plastic
strains to grow to sizes detectable by the CT scanner, and thus, decay in number of
voids (and increase in nearest neighbour distance) observed as a function of dis-
tance below the fracture surface is a result of the stress field (and plastic zone).
Because of this, it can be assumed that the small nearest neighbour distance values
in close proximity to the fracture surface is actually constant and extends
throughout the core. This nearest neighbour distance of voids can be usefully
employed as the inter-particle spacing (and mesh size) and would play an important
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role in governing the fracture toughness of ductile materials. Significantly, it has
been shown here that there are little discernible differences between the damage
characteristics when considering void volume fractions as a function of distance
from the fracture surface (Fig. 7). By extension of this, it might be expected that the
two materials would also exhibit comparable void volume fractions for the various
stages of failure, and instead, the fracture mechanism is governed by the
inter-particle spacing (nearest neighbour distance), which differs on average by ca.
16 μm.

Work remains to accurately assign observed damage to the various stages of
failure and develop this approach to calibrate such ductile failure models, but the
authors hope to highlight the capabilities of this form of experimental analysis to
better understand the mechanisms of ductile failure and by extension, to accurately
calibrate existing ductile failure models.

Conclusions

This work has used 3D X-ray computed tomography to probe the fracture beha-
viour of equivalently graded HIP and forged 304L stainless steel, and for the first
time, has revealed the differences in ductile void characteristics in these materials
when subjected to severe loading conditions. The work concludes recent investi-
gations into the mechanistic failure of HIP steels when compared to forged steels,
and confirms a working hypothesis regarding how fracture toughness is governed
by the spatial distribution of non-metallic oxide inclusions, which act as initiation
sites for the nucleation, growth, and, crucially, the coalescence of neighbouring
voids during ductile failure. The authors also propose the appropriateness of X-ray
CT for determination of relevant parameters required to calibrate the GTN con-
tinuum damage mechanics model.
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Thermo-Calc of the Phase Diagrams
of the Nb-N System

Shadia J. Ikhmayies

Abstract In this work, Thermo-Calc software was used to produce the
temperature-N mass percent phase diagram and Gibbs free energy of all obtained
phases for the Nb-N system. Two solid single stable phases were observed which
are the fcc δ-NbN1–x and hexagonal β-Nb2N, in addition to bcc α-NbN solid
solution. Mixed solid stable phases obtained are α-NbN + β-Nb2N and
β-Nb2N + δ-NbN1–x. Gas and liquid phases were observed as single phases and
mixed with each other or with solid phases. These phases are interesting and they
have several technological applications in superconducting microdevices, micro-
electronic, catalytic probes, and hard coatings. The different phases and their
constituents are thoroughly discussed.

Keywords Phase diagrams ⋅ Phase transformation ⋅ Gibbs free energy
Phase equilibria

Introduction

Transition-metal nitrides have recently attracted considerable interest in condensed
matter physics, solid-state, chemistry, and materials science due to their unique/
superior physical properties [1]. They are usually metallic and highly refractory,
and exhibit excellent properties such as hardness and elasticity than the corre-
sponding transition-metals themselves [2, 3]. The Nb-N system is one of the alloy
systems which are important for hard metal industry. A number of different phases
have been identified for this system. These are; bcc α-NbN solid solution, hexag-
onal β-Nb2N, tetragonal γ-Nb4N3, fcc δ-NbN1−x, hexagonal η-NbN, hexagonal
δ-NbN, and some N-rich phases; Nb5N6, Nb4N5. δ-phase and γ-phase are inter-
esting for the superconducting RF applications [4]. The cubic δ-NbN was meta-
stable and the hexagonal-structured NbN was more stable than the cubic
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counterpart. In this work Thermo-Calc software was used to predict the
temperature-N mass percent phase diagram of the Nb-N system, and Gibbs free
energy for the obtained phases. The results are important for superconducting
devices and hard metal industries.

Methodology

Thermo-Calc software is computational thermodynamic software that utilizes the
procedure of Gibbs free energy minimization to calculate phase equilibria and
thermodynamic properties of a chosen system [5]. For a given set of conditions, the
computer determines the change in free energy for each possible combination of
phases and phase compositions, and it selects the state that makes the total Gibbs
free energy minimum. The software is used in conjunction with different thermo-
dynamic databases which contain the descriptions of the Gibbs free energies
assessed using the CALPHAD approach. CALPHAD is a phase-based approach to
model the underlying thermodynamics and phase equilibria of a system through a
self consistent framework [6].

In this work, MAP calculations—a type of the calculations in the Thermo-Calc
software—were used to calculate the equilibrium phase diagram of the Nb-N
system in the temperature range 300–4000 K. The used database is the TCBIN: TC
Binary Solutions v1.1 database and the mass percent of nitrogen had varied from 0
to 100. The calculation type was chosen to be binary phase diagram.

Results and Discussion

Figure 1 displays the temperature against nitrogen (N) mass percent phase diagram
of the Nb-N system. The melting temperature of Nb from Fig. 1 is 2748 K (2475
°C), which is very close to the known value Tmelt = 2750 K (2477 °C) [7]. The
stable single phases are seen as white regions in Fig. 1a. They are the three solid
phases fcc δ-NbN1–x, hexagonal β-Nb2N, bcc α-NbN solid solution, the liquid
phase, and gaseous phase. There are eight two phase co-existing regions, seen as
lined green regions in Fig. 1a. They are bcc α-NbN (BCC-A2) + hexagonal
β-Nb2N (HCP-A3), fcc δ-NbN1–x (FCC-A1) + hexagonal β-Nb2N (HCP-A3),
gas + fcc δ-NbN1–x (FCC-A1), gas + hexagonal β-Nb2N (HCP-A3), liq-
uid + hexagonal β-Nb2N (HCP-A3), gas + liquid.

The mixed phase bcc α-NbN (BCC-A2) solid solution + hexagonal β-Nb2N
(HCP-A3) starts from 0 N mass percent at T = 1500 K and extends until 7 N mass
percent, where phase boundaries are shown as solid lines. This phase transforms to
the single hexagonal β-Nb2N (HCP-A3) phase, where the transition starts at 6.74 N
mass percent for the temperature range 300–2858 K. On the other hand, it trans-
forms to the single phase bcc α-NbN (BCC-A2) solid solution, where the
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transformation temperature increases with N mass percent until T = 2748 K. The
stable bcc α-NbN solid solution phase appears in the region T = 1500–2148 K and
N mass percent range 0–3.7, and it is dilute with nitrogen. This phase transforms to

Fig. 1 Temperature against N mass percent phase diagram obtained using Thermo-Calc software
(a), and an extended narrow range 0–3.5 of the same phase diagram (b)
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the mixed phase liquid + bcc α-NbN (BCC-A2) solid solution starting from the
melting point of Nb at 2748 K until T = 2748 K.

The stable hexagonal β-Nb2N (HCP-A3) phase is seen in the narrow zone (white
colored in Fig. 1a) that appears at 6.74 N mass percent. The two phase boundaries
start at 6.74 N mass percent and T = 300 K. they separate and meet at the same N
mass percent but T = 2845 K. This means that this phase appears at a certain value
or in a narrow range of N mass percent with slight changes in the transformation
temperature.

The stable mixed phase fcc δ-NbN1−x (FCC-A1) + β-Nb2N (HCP-A3) phase
starts from 6.74 N mass percent and T = 300 K, and extends until 11.8 N mass
percent where the phase fcc δ-NbN1−x (FCC-A1) starts to appear. A strong drop in
transition temperature is observed upon increasing nitrogen content, where it drops
from T = 2334 K at 7 N mass percent to 300 K at 11.8 N mass percent. The stable
phase fcc δ-NbN1−x (FCC-A1) seen in the zone (white colored in Fig. 1a) is
restricted in the N mass percent range 9.2–13. It transforms to gas, where this
transformation starts at T = 2334 K and 9.2 N mass percent, but the transformation
temperature strongly decreases with nitrogen content until 13 N mass percent where
it sharply drops to T = 300 K.

With increasing nitrogen content a mixed phase of gas + fcc δ-NbN1−x
(FCC-A1) appears, which is restricted in the lined green region in Fig. 1a in the
ranges T = 300–2343.6 K and N mass percent 9.12–100. For T = 300 K to
T < 1500 K and N mass percent 13–100, the value of x ≈ 0, and the solid phase is
fcc δ-NbN (FCC-A1). The gas consists of N2, N, N3, and Nb, where the main
portion of the gas is N2, while the other components have approximately zero
fractions at low temperatures. But, the fractions of N, N3, and Nb increase with
increasing temperature. In general, the number of moles of the whole gas increases
with the N mass percent and temperature, while the number of moles of the phase
fcc δ-NbN1−x (FCC-A1) decreases with N mass percent and temperature.

The mixed phase that consists of gas + hexagonal β-Nb2N (HCP-A3) exists in
the temperature range 2343.6–2858.2 K and N mass percent 6.5–7. The gas has the
same constitution as before, and concentrations of all components increases with
temperature, and with N mass percent. In general, the mole fraction of gas relative
to the solid phase increases with temperature and N mass percent, where the rate of
increase is larger for higher temperatures. At N mass percent close to 100 and
T = 2858.2 K the fraction of the β-Nb2N (HCP-A3) is very small. The density of N
vacancies in β-Nb2N (HCP-A3) decreases with temperature, and near N mass
percent 100 and T ≈ 2858 K the ratio of N vacancies is 0.08.

Between the two single phases; α-NbN (BCC-A2) solid solution and the liquid,
there is a mixed phase consists of both of them as shown in Fig. 1b. It extends in
the N mass percent range 0–3.3 and T = 2748–2724.5 K. The liquid consists of
melted Nb and N atoms. With increasing temperature the whole α-NbN (BCC-A2)
solid solution transforms to a stable liquid phase. The white zone in Fig. 1a
between T = 2748–4000 K and N mass percent 0–4.7. As mentioned above, it
consists of Nb and N, where the mole fraction of N increases with N mass percent,
and decreases with temperature.
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The lined green region in Fig. 1a between N mass percent 1.58 and 100 in the
temperature range 2858–4000 K consists of two mixed phases; gas + liquid similar
to those mentioned before. But most of the gas is N2, with higher fractions of N, N3,
and Nb than before. But as T and N mass percent increase, the fractions of N, N3,
become more than 0.001, and that of Nb of the order of 10−12. The liquid consists
mainly of Nb, where the fraction of Nb/N is about 9.5. The white zone in the upper
right corner of Fig. 1a is a gaseous phase of the same composition as before and N2

represents the highest fraction followed by Nb then N.
Figure 2 represents the Gibbs free energy against N mass percent for all

observed phases. As the figure shows, for the liquid + gas phase it is restricted in
the range −(4.3 − 2.97) 105 J/mol, for the gas + β-Nb2N (HCP-A3) phase Gibbs
free energy is in the range (−2.97 − 2.42) 105 J/mol, and for gas + δ-NbN
(FCC-A1) phase its values are in the range − (2.42 − 8.28) 105 J/mol. For the
mixed solid phases δ-NbN1−x (FCC-A1) + β-Nb2N (HCP-A3) and α-NbN
(BCC-A2) + hexagonal β-Nb2N (HCP-A3), Gibbs free energy is restricted in the
ranges −(2.21 − 1.08) 105 J/mol and −(2.36 − 0.623) 105 J/mol respectively. The
solid single phases δ-NbN1−x (FCC-A1), and β-Nb2N (HCP-A3) have Gibbs free
energy in the ranges −(1.08 − 2.21) 105, −(0.83 − 0.62) 105 J/mol respectively.
Finally the solid solution α-NbN (BCC-A2) has phase boundaries which drop with
N mass percent. Hence Gibbs free energy for this phase has a minimum value of
−2.23 × 105 at 2.47 N mass percent and a maximum of −1.14 × 105 J/mol at
0.0 N mass percent.

Fig. 2 Gibbs free energy against N mass percent for all phases
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Conclusions

Thermo-Calc software was used to produce the phase diagram and Gibbs free
energy of the Nb-N system. Three stable solid phases were found as single phases;
bcc α-NbN solid solution, hexagonal β-Nb2N, and fcc δ-NbN1−x. In addition, there
two mixed solid phases which are α-NbN + β-Nb2N, and δ-NbN1−x + β-NbN.
Liquid phase is found mixed with solid phases α-NbN and β-Nb2N, and mixed with
gas. The gas phase was found as a single phase at large nitrogen content and high
temperatures. The results of this work are important for hard metal industry.
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Development of Novel Squeeze Cast High
Tensile Strength Al–Si–Cu–Ni–Sr Alloys

Li Fang, Luyang Ren, Xinyu Geng, Henry Hu, Xieyuan Nie
and Jimi Tjong

Abstract The Taguchi method, as a design of experiment (DOE) technique, was
used to develop squeeze cast high strength aluminum alloys containing elements of
Si, Cu, Ni and Sr. The designed aluminum-based experimental alloys possess four
factors: Si, Cu, Ni and Sr contents with three different levels of weight percentages
(Si: 6, 9, 12%, Cu: 3, 5, 7%, Sr: 0.01, 0.02, 0.03% and Ni: 0.5, 1, 1.5%). Tensile
properties including ultimate tensile strength, yield strength and elongation at failure
were selected as three individual responses to evaluate the engineering performance
of the designed alloys. An analysis of the mean of signal-to-noise (S/N) ratio implies
that the tensile properties of the tested aluminum alloys are influenced significantly
by the levels of the alloying elements in the Taguchi orthogonal array. The optimized
major element content for the as-cast high strength aluminum alloy are 9% Si, 7%
Cu, 0.03% Sr and 1.0% Ni. The percentage contribution of each factor is determined
by the analysis of variance (ANOVA). The results indicate that the contents of Si and
Ni are the most significant two factors influencing the tensile properties of the
experimented alloys.

Keywords Taguchi method ⋅ Analysis of variance ⋅ Elements Ni, Si, Cu, and
Sr ⋅ Al–Si–Cu alloy

Introduction

Aluminum and its alloys as lightweight structural materials have been in wide-
spread use, and their commercial applications continue to increase. Especially in the
automotive industry, Al–Si–Cu alloy is one of the most widely used material
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because of its moderate properties and relatively low cost. For further expansion of
aluminum usage to the area where heavy dynamic loading is required in vehicles,
as-cast aluminum alloys with improved properties and their corresponding manu-
facturing processes become essential. Previous studies have indicated that the
transition metal elements as copper (Cu) and nickel (Ni) are found to be effective
for improvement of mechanical properties of Al–Si alloy at elevated temperature
[1–3]. Studies on Ni-containing aluminum alloys indicated that the Ni presence
enabled many complex intermetallic phases to form including Al2Cu, Al3Ni,
Al7Cu4Ni, Al9FeNi and Al5Cu2Mg8Si6 in aluminum alloys. The Al3Ni, Al3CuNi
and Al7Cu4Ni phases were found having great contribution to the
elevated-temperature properties of Al–Si alloy [4–6]. Also, it has been indicated
that the eutectic silicon phases affected the mechanical properties of Al-Si alloys
significantly. Since the Si phase is hard and brittle, the coarse Si eutectic reduces
mechanical properties of A–Si–Cu alloys [7, 8]. To enhance the strengths of Al–Si
alloys, the needle shaped eutectic silicon has to be modified. Alkali element,
sodium (Na), alkaline earth element, strontium (Sr), and metalloid, antimony (Sb),
were found to affect the nucleation and growth processes of eutectic silicon crystals
effectively in Al–Si alloys. Among the three, Sr is by far the most efficient and
effective modifier due to the handling difficulty of sodium and the toxicity of the
antimony. Sr was demonstrated to be capable of effectively modifying the mor-
phology of eutectic silicon from acicular (plate or needle-like) to fibrous form
despite that Sr addition might coarsened the primary silicon in hypoeutectic Al–Si
alloys. The results of mechanical properties showed that Sr modification enhanced
tensile properties of both hypereutectic and hypoeutectic properties significantly [9–
18]. Up to date, however, no extensive research has been performed with the
addition of two transition elements (Ni and Cu) and one alkaline earth element
(Sr) together in a as-cast alloy to maximize mechanical properties of Al–Si alloys.
Past studies failed to systematically and thoroughly design this type of the alloys
using an optimization approach.

In this study, a design of experiment (DOE) technique, the Taguchi method, was
used to design the chemistry of as-cast Al–Si–Cu alloys with other element addi-
tions for maximized engineering performance, which was evaluated by the resultant
tensile properties. Unlike traditional full factorial design involving large amount of
experiments to identify all possible combinations for a given set of variables, the
Taguchi method uses a special design of orthogonal arrays to study all the designed
factors with a minimum of experiments at a relatively low cost. Orthogonality
means that factors can be evaluated independently of one another; the effect of one
factor does not interfere with the estimation of the influence of another factor [19,
20]. With the consideration of the influencing extent of individual element content,
the selection of four influential factors, i.e. element additions of Si, Cu, Ni and Sr
with three different weight percentages, were selected in the design of experiment.
Tensile tests were conducted to determine the mechanical properties such as ulti-
mate tensile strength, yield strength and elongation at failure of the designed
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experimental alloys. The results of the factor response analysis were used to derive
the optimal levels combinations. The percentage contribution of each factor was
determined by an analysis of variance.

Experimental Procedures

Materials

Designed Al–Si–Cu–Ni–Sr alloys were prepared by using commercially pure Al,
Si, Cu, Al-20 wt% Ni and Al-10 wt% Sr. Al, Si, Cu, and Al-20 wt% Ni were melt
and mixed in an electric resistance furnace to achieve the desired compositions
which were verified by an Inductively-Coupled Plasma Atomic Emission Spec-
trometer based on ASTM E1479-99. The melt was modified by introducing Al-10
wt% Sr for modification of Si eutectic phase, and was kept at 730 ± 10 °C for
30 min for the completion of homogenization and modification, and then the melt
temperature was decreased to 650 °C for squeeze casting.

Squeeze Casting

Cylindrical coupons having a diameter of 100 mm and a section thickness of
25 mm were squeeze cast with the prepared melt. The squeeze casting experiments
started with the transfer of a metered quantity of the prepared melt (650 °C) into the
bottom half of the preheated (300 °C) die set mounted in a hydraulic press. The dies
were then closed, with the top half (punch) lowering into the bottom die. An applied
pressure of 90 MPa was exerted by the punch on the molten metal and maintained
until the entire casting solidified.

Tensile Testing

The mechanical properties of the squeeze cast novel alloys were evaluated by
tensile testing, which was performed at ambient temperature on a MTS criterion
Tensile Test Machine (Model 43) equipped with a data acquisition system. Fol-
lowing ASTM B557, flat tensile specimens (25 mm in gage length, 6 mm in width,
and 4 mm in thickness) were machined from the squeeze cast disks. The tensile
properties, including 0.2% yield strength (YS), ultimate tensile strength (UTS), and
elongation to failure (Ef), were obtained based on the average of three tests.
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Taguchi Design of Experiment

Design of Orthogonal Array and Signal-to-Noise Analysis

For alloy chemistry design, based on the literature survey, four alloying elements,
Si, Cu, Ni, and Sr, were chosen with three levels and are listed in Table 1. The
experimental layout for the four factors using L9 orthogonal array is given in
Table 2. Two sets of the Taguchi experiments were conducted to ensure the reli-
ability of experimental data for signal-to-noise analysis.

In process design, it is almost impossible to eliminate all errors caused by the
variation of characteristics. An increase in the variance of multiple characteristics
lowers the properties of material. The Taguchi method [11–13] uses signal-to-noise
(S/N) ratio instead of the average value to interpret the trial results data into a value
for the evaluation characteristic in the optimum setting analysis. To minimize the
influence of the error caused by the variation of characteristics, the signal-to-noise

Table 1 Design factors and levels

Level Factor
A
Si (wt%)

B
Cu (wt%)

C
Sr (wt%)

D
Ni (wt%)

1 6 3 0.01 0.5
2 9 5 0.02 1
3 12 7 0.03 1.5

Table 2 Designed experiment plans

Experiment Si (wt %) Cu (wt %) Sr (wt%) Ni (wt%)

1 6 (A1) 3 (B1) 0.01 (C1) 0.5 (D1)
2 6 (A1) 5 (B2) 0.02 (C2) 1 (D2)
3 6 (A1) 7 (B3) 0.03 (C3) 1.5 (D3)
4 9 (A2) 3 (B1) 0.02 (C2) 1.5 (D3)
5 9 (A2) 5 (B2) 0.03 (C3) 0.5 (D1)
6 9 (A2) 7 (B3) 0.01 (C1) 1 (D2)
7 12 (A3) 3 (B1) 0.03 (C3) 1 (D2)
8 12 (A3) 5 (B2) 0.01 (C1) 1.5 (D3)
9 12 (A3) 7 (B3) 0.02 (C2) 0.5 (D1)
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(S/N) ratio was employed, which converted the trial result data into a value for the
response to evaluate the mechanical properties in the optimum setting analysis. The
S/N ratio consolidated several repetitions into one value which reflected the amount
of variation present. This is because the S/N ratio can reflect both the average and
the variation of the quality characteristics. There are several S/N ratios available
depending on the types of characteristics: lower is best (LB), nominal is best (NB),
and higher is best (HB). In the present study, alloys mechanical properties were
treated as a characteristic value. Since the mechanical properties of novel alloys
were intended to be maximized, the S/N ratio for HB characteristics was selected,
which was be calculated as follows:

S ̸NHB = − 10 log
1
n
∑
n

i = 1

1
η2pi

 !
ð1Þ

where n is the repetition number of each experiment under the same condition for
design parameters, and ηpi is recovery rate of an individual measurement at the ith
test. After calculating and plotting the mean S/N ratios at each level for various
factors, the optimal level, that was the largest S/N ratio among all levels of the
factors, was determined.

The proposition for the optimization of mechanical properties with multiple
performance characteristics (three objectives) using a weighting method is defined
as the Eqs. (2)–(4):

YSUM =YP ×W ð2Þ

where

YSUM =

η1c
η2c
⋮
η9c

2
64

3
75, Yp =

η11 η12
η21 η22
⋮ ⋮
η91 η92

2
664

3
775,w=

w1

⋮
w3

" #
ð3Þ

and

∑
2

i=1
wi =1 ð4Þ

where w1, w2 and w3 are the weighting factor of ultimate strength, elongation at
failure and yield strength, respectively. ηjc is the multi S/N ratio in the jth test, ηji is
the ith single response S/N ratio for the jth test; wi is the weighting factor in the ith
performance characteristics.

The objective function was formulated according to the previous optimization
criteria:
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Maximaze f Xð Þ=w1 ⋅ ηUTS +w2 ⋅ ηEf +w3 ⋅ ηYS ð5Þ

The above objective function is presented in an analytical form as a function of
input parameters since two strengths and elongation as three characteristics are
important properties for cast components. The three characters should be consid-
ered as different critical roles by weighting factors. For various engineering
applications, required technical specifications can vary due to the presence of dif-
ferences in loading conditions. For cast components of which strengths have a
priority higher than ductility, high weighting factors of ultimate tensile strength and
yield strength need to be considered. When cast parts are required to be relatively
ductile for energy absorption, elongation at failure becomes more important than
strengths and has a high value of the weighting factor. As an example, in this study,
for strength-related application, combination of weighting factor as 0.7:0.1:0.2, i.e.,
ultimate tensile strength (w1 = 0.7) and yield strength (w3 = 0.2), and the elon-
gation at failure (w2 = 0.1), is selected to demonstrate the optimization of strength.
The combinations of weighting factors may vary for various application and
engineering requirements.

Analysis of Variance (ANOVA)

The purpose of the analysis of variance is to investigate the contribution of each
factor (chemical element) with multiple characteristics that significantly affect the
mechanical properties. Following the analysis, it is relatively easy to identify the
effect order of factors on mechanical properties and the contribution of factors to
mechanical properties. In this study, variation due to both the four factors and the
possible error was taken into consideration. The ANOVA was established based on
the sum of the square (SS), the degree of freedom (D), the variance (V), and the
percentage of the contribution to the total variation (P). The five parameters symbol
typically used in ANOVA are described below:

1. Sum of squares (SS). SSP denotes the sum of squares of factors A, B, C, and D;
SSe denotes the error sum of squares; SST denotes the total sum of squares.

The total sum of square SST from S/N ratio was calculated as:

SST = ∑
m

i= 1
η2i −

1
m

∑
m

i= 1
ηi

� �2
ð6Þ

where m is the total number of the experiments, and ηi is the factor response at the
ith test.
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The sum of squares from the tested factors, SSp, was calculated as:

SSP = ∑
m

i= 1

Sηjc
� �2

t
−

1
m

∑
m

i= 1
ηi

� �2
ð7Þ

where m is the number of the tests (m = 9), j the level number of this specific factor
p, t is the repetition of each level of the factor p, and Sηj the sum of the
multi-response S/N ratio involving this factor p and level j.

2. Degree of freedom (D). D denotes the number of independent variables. The
degree of freedom for each factor (DP) is the number of its levels minus one. The
total degrees of freedom (DT) are the number of total number of the result data
points minus one, i.e. the total number of trials times the number of repetition
minus one. And the degree of freedom for the error (De) is the number of the
total degrees of freedom minus the total of degree of freedom for each factor.

3. Variance (V). Variance is defined as the sum of squares of each trial sum result
involved the factor, divided by the degrees of freedom of the factor:

Vp %ð Þ= SSP
DP

× 100 ð8Þ

4. The corrected sum of squares (SSp). SSp is defined as the sum of squares of
factors minus the error variance times the degree of freedom of each factor:

SS
0
P = SSP −DPVe ð9Þ

5. Percentage of the contribution to the total variation (P). Pp denotes the per-
centage of the total variance of each individual factor:

Pp %ð Þ= SS
0
P

SSP
× 100 ð10Þ

Results and Discussion

Tensile Properties and Multi-response S/N Ratios

The mechanical properties of the designed alloys were evaluated by tensile testing.
Properties including ultimate strength (UTS), elongation at failure (Ef) and Yield
strength (YS) are listed in Table 3.

Since the objectives, i.e., tensile properties, were intended to be maximized, the
S/N ratio for HB (higher-is-better) characteristics was used. The S/N ratios of these
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tensile properties were given in Table 3, and the multi-responses of S/N ratio using
three weighting factor combinations were also concluded in Table 3. The response
of each factor to its individual level was calculated by averaging the S/N ratios of
all experiments at each level for each factor. With three combinations of weighting
factors, the factor’s mean multi-response S/N ratios for each level were summarized
in Table 4, respectively. For instance, the mean S/N ratio (42.62) for Sr addition at
level 2 in Table 4 with the weighting factors of w1 = 0.7, w2 = 0.1 and w3 = 0.2
was the average value of the S/N ratios of experiment No. 2 (42.73), No. 4 (42.57)
and No. 9 (42.56) which were listed in Table 3.

Optimal Chemical Composition for Strength Performance

To optimize strength of alloy, the order of the performance characteristics is given
as ultimate tensile strength (w1 = 0.7) and yield strength (w3 = 0.2), and the
elongation at failure (w2 = 0.1). Figure 1 depicts the multi-response S/N ratios for
the certain case of strength optimization.

Table 3 Tensile properties, S/N ratio and multi-response S/N ratio of the designed alloys

EXP. UTS (MPa) Ef (%) YS (MPa) S/N
ratio
(UTS)

S/N
ratio
(Ef)

S/N
ratio
(YS)

Multi-response of
S/N ratio

Test
1

Test
2

Test
1

Test
2

Test
1

Test
2

w1 = 0.7 w2 = 0.1
w3 = 0.2

1 243.26 247.59 0.88 0.94 213.79 206.59 47.80 −0.82 46.45 42.67

2 243.93 253.37 0.78 0.79 215.20 213.97 48.02 −2.10 46.63 42.73

3 228.88 232.69 1.93 1.79 146.71 150.28 47.26 5.37 43.43 42.31

4 245.82 246.16 1.21 1.15 170.83 175.86 47.82 1.43 44.78 42.57

5 271.81 281.53 0.83 0.82 229.95 241.55 48.84 −1.68 47.44 43.50

6 291.36 281.93 0.90 0.85 221.29 223.02 49.14 −1.17 46.93 43.67

7 243.04 249.18 1.40 1.55 153.36 150.41 47.82 3.34 43.63 42.53

8 234.00 230.00 0.73 0.79 197.31 183.96 47.31 −2.39 45.59 41.99

9 239.75 250.48 0.99 1.07 184.55 189.39 47.78 0.25 45.43 42.56

Table 4 The factor’s mean
multi-response S/N ratio for
each level with two weighting
factors

Level Mean S/N ratio for case:
w1 = 0.4, w2 = 0.2 and w3 = 0.4
A
Si

B
Cu

C
Sr

D
Ni

1 42.57 42.59 42.78 42.91
2 43.25 42.74 42.62 42.98

3 42.36 42.85 42.78 42.29
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As show in Fig. 1, the mean S/N ratio for factor A of Si addition increased with
the amount of Si from 6% (level 1) to 9% (level 2) and decreased to the low value
with further addition of Si up to 12% (level 3). When the relatively high amount of
Si was introduced to the alloy with the presence of a low level of Sr addition, the
volume of partially modified eutectic Si phase likely increased. They were found to
have a plate-like shape, hard, brittle, and reduce mechanical properties of alloys
[12]. The effect of the Cu addition (factor B) on the mean S/N ratio of the
mechanical properties was also plotted in Fig. 1. The mean multi-response S/N
ratio of tensile properties rose when Cu was added. As Cu addition increased from
the 3% (level 1) to 7% (level 3), the mean multi-response S/N ratio of tensile
properties increased to 37.63. This might be because sufficient Cu addition could
form a large amount of the strengthening intermetallic phase. For Sr addition, as
increasing from levels 1–2, the S/N ratio decreased slightly. Further addition of Sr
led to an increase in the S/N ratio, which suggested that the presence of a high level
of Sr benefited the strengths of the designed alloys. Examination of the effect of Ni
addition (factor D) revealed that the S/N ratio of the tensile properties slightly
increased and then decreased as the amount of Ni addition increased. It was also
pointed out [5] that Ni apparently had a little influence on the room temperature
strengths of Al–Si–Ni cast alloys with the presence of Sr. Also, the introduction of
3 wt% Cu and 1 wt% Ni together into the Al-13 wt% Si alloy resulted in the
formation of γ-Al7Cu4Ni instead of δ-Al3CuNi, which had a limited influence on
strength. By selecting the highest value of the mean S/N ratio for each factor, the
optimal levels were determined, which were A2B3C3D2; i.e. 9% Si, 7% Cu, 0.03%
Sr and 1.0% Ni. To verify the optimal levels of the added elements suggested by the
Taguchi method, a confirmation experiment needs to be carried out.
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Fig. 1 Multi-response signal-to-noise graph for case: w1 = 0.7, w2 = 0.1 and w3 = 0.2
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The Factor Contributions with Combination of Weighting
Factors

The contribution of each factor to the tensile properties was determined by per-
forming analysis of variance based on Eqs. (6)–(9). The results of analysis of
variance (ANOVA) for case: w1 = 0.7, w2 = 0.1 and w3 = 0.2, is summarized in
Tables 5.

Table 5 lists the contribution of the four factors (Si, Cu, Sr and Ni addition) in
case: w1 = 0.7, w2 = 0.1 and w3 = 0.2, in which the strengths are in priority, was
43.16%, 12.26%, 9.50% and 35.08%, respectively. The addition of Si had the
highest contribution of 43.16%, which indicated that Si had the major influence on
the tensile properties of the designed alloys. Ni (35.08%) was ranked as the second
highest contributor which had a very close contribution to Si. The addition of Cu
had a contribution of 12.26% took the third place while Sr had the lowest contri-
bution of 9.50%.

Conclusions

The Taguchi method with multiple performance characteristics was employed to
optimize the addition levels of one metalloid element (Si), two transient elements
(Cu and Ni), and one alkaline earth element (Sr) based on defined objectives, i.e.,
tensile strength, elongation and yield strength. The addition content of Si, Cu, Sr
and Ni were chosen as factors and three levels for each factor were considered in
the design of experiment. In case of developing an alloy with strengths as priority
and maintaining functional ductility level (w1 = 0.7, w2 = 0.1 and w3 = 0.2), an
optimum combination of 9% Si, 7% Cu, 0.03% Sr and 1.0% Ni was calculated. All
the considered four elements exhibited an effective contribution on the tensile
properties of the proposed alloys with a lowest contribution in both the designed
cases of around 10% while the content of Si and Ni are the most significant two
factors affecting the mechanical properties of alloy with contribution of 43.16% and

Table 5 Results of the ANOVA for case: w1 = 0.7, w2 = 0.1 and w3 = 0.2

Factors Degree of
freedom
(D)

Sum of
squares
(SSp)

Variance
(V)

Corrected
sums of
squares (SSp′)

Contribution Rank

Si (%) 2 2.17 1.08 2.17 43.16% 1
Cu (%) 2 3.35 1.67 3.35 12.26% 3
Sr (%) 2 2.95 1.48 2.95 9.50% 4
Ni (%) 2 2.67 1.33 2.67 35.08% 2
Error 0.00 0.00 0
Total 11.14 100%
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35.08% respectively. For applications aiming at improving the strengths of the
alloys, Si and Ni content had the major contribution on the tensile properties. As
ductility became a priority, Sr and Cu played an important role than Si and Ni. To
verify the optimal levels of the added elements suggested by the Taguchi method, a
confirmation experiment needs to be carried out.
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Carbon Nanocomposite for Reliable Seal
Applications in High-Temperature,
High-Pressure, Corrosive Environments

Lei Zhao and Zhiyue Xu

Abstract Achieving a reliable seal in the extremely harsh environments of high
pressure, high temperature (HPHT), and corrosive fluids has been highly demanded
in various industries, including oil and gas, aerospace, chemicals, and nuclear, etc.
Traditional seal materials such as rubber or plastic often fail to achieve reliable
sealing due to thermal degradation under hot, wet, and corrosive conditions.
Metal-to-metal seals also show limited success due to their low elasticity and weak
acid corrosion resistance at HT. This paper presents a novel carbon-based
nanocomposite that exhibits a temperature rating higher than 300 °C, filling a
technical gap of high-temperature sealing materials in extremely corrosive envi-
ronments. The composition-microstructure-property relationship and superior seal
performance of this novel nanocomposite will be discussed.

Keywords Carbon nanocomposite ⋅ Elastic ⋅ High temperature
High pressure ⋅ Seal ⋅ Corrosive resistance

Introduction

Steadily increasing demands from global economic growth and the paucity of
easy-to reach reservoirs, has compelled the oil and gas industry to conduct more
exploration activities in extremely harsh environments that traditionally were
considered economically or technically inaccessible [1, 2]. Most of these new
reservoirs, e.g., offshore, heavy oil, geothermal, etc., exhibit extremely
high-temperature, high-pressure, or highly corrosive environments that are beyond
the rating of most downhole drilling or production equipment [3]. Improving their
working temperature or pressure is limited by the seals that confine downhole fluids
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or gas [4]. Currently, these seals rely on different types of rubber materials that
chemically decompose at elevated temperatures or in corrosive fluids [5–7]. In
addition, these rubber materials typically fail at even lower temperatures because
their mechanical properties degrade with temperature increases [5].

It is true that various types of high-temperature seal solutions, e.g.,
metal-to-metal (M2 M) seal, graphite seal, glass seal, etc., may be available in other
industries [8]. However, these solutions have been proven non-effective in oil and
gas exploration because their inorganic materials lack the elasticity and malleability
that rubber materials exhibit for unique downhole conditions (i.e., most sealing
surfaces are tubular that are high corroded, eroded or deposited with thick scale or
wax; they are usually thousands of feet underground and inaccessible to any
machining operations) [2–4, 8].

Due to its extreme thermal and chemical stability, carbon is probably one of the
most inert materials in nature and one of the most broadly utilized materials for seal
applications [8]. However, carbon materials are limited to low and medium pressure
ratings (∼ 10 MPa). To address this issue, a novel elastic carbon composite
(ECC) was developed that successfully incorporates a second metal phase to
enhance the mechanical property of the flexible carbon material. Material tests
show that this ECC has excellent thermal stability up to 537 °C and dramatically
improved mechanical strength up to 100 MPa. Even though this ECC displayed
strong corrosion resistance to common downhole fluids (hydrocarbons, brines,
weak acids, etc.), it failed to survive in concentrated acid fluids that are required by
various industrial sections such as heavy oil recovery and petroleum refineries. In
this work, different formulations are discussed, and a new binder phase is described
that provides the new ECC with excellent corrosion resistance to concentrated acid,
as well as a high-temperature rating greater than 300 °C.

Design of Elastic Carbon Composite

ECC is a composite material, consisting of flexible carbon grain and effective
bonding phases. In stark contrast to traditional carbon materials that are typically
hard and brittle, the flexible carbon material (due to the presence of nano-sized
closed pores) exhibits elasticity for effective sealing (Fig. 1a). Additionally,
metallic and other bonding phases are used to bond the carbon grains (forming a
bonding phase between the binder material and the carbon grain, the black region in
right insert of Fig. 1a) and forming a continuous phase to interlock these grains,
enhancing the mechanical strength for the ECC. As shown in Fig. 1b, scanning
electron microscopy (SEM) analysis shows that carbon phase (black) and binding
phase (white) form a bi-continuous microstructure, resulting in a composite that
benefits from the elasticity of the flexible carbon grain and the mechanical strength
enhancement from the binding phase.
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Because carbon is chemically inert to most acids (except HF), to meet the strong
acid resistance requirement, the bonding phase must be carefully selected and
engineered to survive a highly corrosive environment (concentrated acid in this
case). In this work, stainless steel (SS), Inconel, and fluoropolymers (three engi-
neering materials that are broadly utilized for corrosion-resistance applications in
oil and gas) are evaluated as potential new binder candidates that could offer
strength enhancement and chemical stability in the concentrated acid environment
at HPHT.

Experiment Set-up

The mechanical, thermal and acid-resistance properties of the new ECC were fully
investigated to ensure reliable performances of the material in high-temperature and
extremely corrosive environments. The thermal stability of the ECC was charac-
terized by a thermogravimetric analyzer (TGA) in nitrogen (i.e., a non-oxidizing
environment as in the targeted applications) with a heating rate of 20 °C/min. The
thermo-mechanical properties of the ECC were measured by dynamic mechanical
analysis (DMA) in open air with a heating rate of 4 °C/min. Acid-resistance tests
were performed by immersing cylindrical test coupons in a concentrated nitric acid
solution (65–70 wt%) for eight days at 65 °C. This test was performed in an
autoclave. After the ECC cooled and dried out, it was examined for surface cracks
and corrosion. The mechanical properties of the ECC related to sealing are strength,
elasticity, as well as malleability, which were obtained via an unconfined com-
pression test. An unconfined compression test, according to ASM E9-09, was
performed on cylindrical test coupons that were 12.7 mm diameter and 12.7 mm
tall. The compression rate was 0.0211 mm/s, and the measurement stopped after the
sample broke.

Fig. 1 Schematic illustration of ECC microstructure (a) and SEM image of ECC material with
scale bar of 200 μm (b)
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Results and Discussion

Acid Resistance of ECC

In a previous work, an ECC was developed with a metallic binder for downhole
zonal isolation applications. Its corrosion resistance to common downhole fluids
was approved by an aging test in tap water, a 3% KCl solution and 15% HCl
solution at an elevated temperature, i.e., 93 °C [5]. However, the previous for-
mulation failed the concentrated acid test. To expand the application of this novel
material in harsh environments, a new binding phase with increased acid resistance
had to be developed.

Corrosion resistance to concentrated acid has always been challenging for
metallic materials, especially at elevated temperatures. Except for certain precious
metal, e.g., Au, Pt, Ir, etc., most engineering metals or alloys react with acid readily,
and the corrosion rate increases dramatically as temperature rises [9]. Under oxi-
dized conditions, a thin oxidation layer may form for certain metal materials (e.g.,
Al, stainless steel, etc.) as a barrier to prevent further reaction. These anti-corrosion
layers, though, are not thermally stable; they dissolve or break easily at elevated
temperatures [9]. In this work, stainless steel and Inconel—two of the most broadly
utilized corrosion-resistant metals in the oil and gas industry—are selected as
bonder material. However, both show unsatisfying corrosion resistance during the
acid-corrosion resistance test, as shown in Fig. 2. In concentrated nitric acid at
65 °C, nearly all the stainless steel bonding phase is etched away (40% mass loss),
leaving only the graphite phase delaminated into pieces. It is true that Cr in stainless

Fig. 2 Images of samples before and after high-temperature aging test in concentrated nitric acid
for sample made from stainless steel (a), Inconel (b) and fluoropolymer (c)
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steel can form a dense oxidized barrier in concentrated nitric acid to prevent further
etching, but, this layer is clearly thermally unstable in tested conditions, as shown in
Fig. 2a. Compared with stainless steel, Inconel shows much stronger resistance to
concentrated nitric acid at elevated temperatures (∼ 2% mass loss), and ECC
bonded by Inconel keeps its integrity after an eight-day corrosion test. However,
this material could not perform as a reliable seal because cracks formed, weakening
the material and causing a pathway for leaks (Fig. 2b).

According to ECC design strategy, the use of precious metal that has proven
chemical resistance to acid should most definitely lead to improved performance of
the final composite. However, this strategy does not make economic sense from the
view of practical application. To address this issue, fluoropolymer—another cate-
gory of popular engineering materials with proven acid resistance in the oil and gas
industry—was tested as a bonding material for ECC, and it showed excellent result
during the acid-resistance test. As shown in Fig. 2c, after eight days of aging at
elevated temperatures, the ECC coupon made from fluoropolymer showed no visual
changes before and after the test, and no weight loss was measured. As illustrated in
the ECC microstructure, because the carbon phase and bonding phases are resistant
to nitric acid, it is not unexpected for this new ECC to achieve high corrosion
resistance.

Mechanical Property of ECC

In a previous work, the mechanical properties and sealing performance of an ECC
material made from metal were confirmed through various mechanical tests: 1.
A compression test showed that the ECC material had a strong HP rating and high
conformability for rough sealing counterparts; 2. A loop test and a hysteresis test
confirmed the ECC had sufficient reliable elasticity to be energized for long-term
seal applications [2]. Even though the fluoropolymer-bonded ECC passed the
acid-resistance test, this novel material was also required to exhibit reasonable
strength to replace the previously metal-bonded ECC to seal high-pressure differ-
entials. As shown in the compressive test (Fig. 2), the material strength of the
fluoropolymer-bonded ECC could reach 66 MPa, making it a reliable seal for most
high-pressure applications. The strength of ECC made from fluoropolymer was
similar to Inconel-bonded ECC, and both were lower than those made from
stainless steel (Fig. 3).

Based on the microstructure, there are two functions for the binder to improve
mechanical strength of overall ECC: first, it forms a bonding phase (intermetallic in
this case) between binder material and carbon grains, performing like an adhesive;
second, the binder material forms a continuous solid phase, physically interlocking
the carbon grains. Iron readily forms carbide with carbon, so SS could also from a
strong bonding phase with carbon grains. In contrast, Ni has low reactivity with C,
and thus the bonding strength between Inconel and carbon grain is lower. As for
fluoropolymer, its molecules has extremely high chemical stability, so no bonding
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phase is expected to form. Only the interlocking mechanism exists for an ECC
made from fluoropolymer and Inconel, and their strength is lower than the
SS-bonded ECC. In the current work, the malleability of fluoropolymer we used
was lower than Inconel, leading to the reduced malleability of the ECC. However,
the malleability was enough for many seal applications.

Thermal Properties of ECC

As discussed previously, the ECC is designed to be an elastic seal solution to
replace rubber or plastic seal material beyond their degradation temperature.
An ECC made from metal binder has shown thermal stability above 400 °C.
However, because most engineering metallic materials fail due to their low resis-
tance to concentrated acid and fluoropolymer is currently the only economic
solution, its thermal stability needs to be systematically evaluated for
high-temperature applications similar to a metal-based ECC material.

Because inert or a reducing environment is more common in targeted applica-
tions (oil and gas extraction and processing), the TGA of the ECC was tested in
nitrogen, and no weight loss was observed until 400 °C, as shown in Fig. 4. This
test result confirms that an ECC made from fluoropolymer is chemically stable (i.e.,
no thermal decomposition) at the targeted temperature of 300 °C with large safety
margin. This result is expected because the carbon grain and the fluoropolymer
have excellent thermal stability. High chemical stability at elevated temperatures
means longer life time and good reliability, but does not necessary mean the
material can work as a seal in that temperature range. To qualify for sealing, the
material should maintain reasonable mechanical strength or elastic modulus at an

Fig. 3 Unconfined compression stress-strain curves of ECC made from stainless steel (a), Inconel
(b) and fluoropolymer (c)
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elevated temperature, otherwise it will be extruded under pressure differential. As
matter of fact, mechanical properties of most seal material degrade at a temperature
point far below their chemical decomposition temperature. To find the temperature
rating of an ECC made from fluoropolymer, a dynamic mechanical analysis
(DMA) was performed on this new ECC material to characterize its mechanical
degradation with temperature.

As shown in Fig. 5, the storage modulus and loss modulus remained below
220 °C, which means the ECC kept its excellent mechanical property as seal
material at elevated temperatures. Above 220 °C, mechanical degradation was
observed, i.e., the storage and loss modulus decreased. This decrease can be
attributed to the glass transition of fluoropolymer because previous tests confirmed
that the mechanical property of carbon grain is basically inert to temperature
change. Even though the material became softer, the storage modulus only dropped
from 6.96 to 4.48 MPa, which is still high enough to resist extrusion in most of
downhole conditions. Between 220–300 °C, the modulus of ECC remained same
without further degradation (Fig. 5). Through the TGA and DMA characterization,
the ECC exhibited excellent thermal stability, and it could be rated for seal
applications up to 300 °C.

Fig. 4 Thermogravimetric analysis of fluoropolymer-based ECC in nitrogen protection
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Conclusion

In a previous work, a new elastic carbon composite was successfully developed that
showed extremely high thermal stability (over 537 °C) and filled the technical gap
of sealing material with a temperature rating over 300 °C in the oil and gas industry.
To expand its application in even harsher environments (concentrated acid), dif-
ferent corrosion-resistant engineering materials, i.e., stainless steel, Inconel alloy,
and fluoropolymer, were evaluated as binder material to improve the corrosion
resistance of final ECC to concentrated nitric acid. The results showed that the
corrosion resistance of the final ECC was strongly dependent on its binder phase.
Stainless steel and Inconel exhibited limited corrosion resistance to concentrated
acid, with Inconel performing relatively better due to the lower corrosion rate of Ni
alloys in concentrate acid. In stark contrast to metal binders, the ECC made from
fluoropolymer showed excellent corrosion resistance in concentrated nitric acid at
elevated temperatures. In addition, thermal analysis showed that it was chemically
stable up to 400 °C, and maintained its mechanical strength up to 300 °C for seal
applications, even though slight mechanical degradation occurred at the glass
transition point of fluoropolymer, i.e., 220 °C. This new technology is expected to
help the heavy-oil industry and petroleum refinery industry to maximize recovery,
reduce operating cost, and prevent or mitigate harmful environmental impacts.

Fig. 5 Dynamic mechanical analysis of fluoropolymer-based ECC in open air
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The Dielectric Behavior in Reduced
Graphene Oxide/Polymer Composites
with a Segregated Structure

Yonghua Li and Mengkai Li

Abstract Novel composites with a segregated structure have been prepared
through coating graphene oxide (GO) on poly(vinylidene fluoride) (PVDF) pow-
ders and then were hot pressed at 200 °C for 2 h to form composites. During
hot-pressing, the graphene oxide was turned into reduced graphene oxide. The
resulting composites with graphene as conductive filler formed a two-dimensional
conductive network and exhibited a low value of the percolation threshold. The
image of GO-coated PVDF powders was observed by scanning electron micro-
scopy (SEM). The dielectric permittivity of the graphene/PVDF composites as a
function of frequency with different graphene volume fraction were shown at room
temperature. The composite of filler content 0.263 vol.% exhibits higher dielectric
constants (225) and smaller loss factor (7.9) at 1000 Hz.

Keywords Graphene oxide ⋅ Composite ⋅ Dielectric permittivity
Segregated structure

Introduction

A true two-dimensional material, graphene with high surface area (∼2600 m2/g),
high thermal conductivity (∼5000 W/(mK)), high Young’s modulus (∼1 TPa) and
fracture strength (∼130 GPa), make it very attractive for various applications [1].
Graphene/polymer composites have been much attention in the past few years
[2–4]. Graphene nanosheets can significantly improve the physical properties of the
host polymer at very low content of conductive filler loading. Poly(vinylidene
fluoride) (PVDF) is a semicrystalline thermoplastic polymer with remarkable high
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piezo- and pyroelectric coefficients, excellent thermal stability and chemical resis-
tance. Many researchers have recently devoted to the preparation of high-ε′ com-
posites based on PVDF. Nan et al. have first reported on the high-ε′ PVDF-based
composites fabricated with conductive nickel powders filler [5]. The percolation
threshold was 17 vol.% and at low frequency the effective ε′ of the composites near
the threshold increased to 400. Nanocomposites with larger aspect ratio filler dis-
persed in PVDF matrix have an ultralow percolation threshold. Zhong et al. have
reported reduced graphene oxide (RGO)/PVDF composites prepared with a solu-
tion casting approach, which displayed a low percolation threshold 0.18 vol.% and a
high-ε′ of 340 at 100 Hz near the percolation threshold [6]. Our group reported a
simple, environmentally-friendly and practical new method to prepare graphene/
polymer composites with a segregated structure, GO coated on PVDF particles and
then in situ thermal reduction makes electrically insulating PVDF highly conduc-
tive, which can effectively prevent the aggregation of graphene and lower graphene
content (the percolation threshold 0.105 vol.%) [7]. Dielectric permittivity of the
composites incorporated with conductive fillers can be depicted by the percolation
power law [8]. Near the percolation threshold, the dielectric permittivity of the
composites underwent a significant change of several orders of magnitude. It can be
found that the percolation threshold values obtained from conductivities and
dielectric permittivity are the same. A low filler content and high-ε′ composite is the
goal for some researchers are always seeking. However, there has been no report on
the dielectric contents of graphene/polymer composites with a segregated structure.

In this work, we report on the dielectric behavior of RGO/PVDF composites
prepared through the solution mixing method. The segregated structure composites
with various reduced graphene oxide contents exhibit a typical percolation behavior
with a low percolation threshold. The RGO/PVDF composites with the ultralow
percolation threshold are very prospective in high energy density capacitors and
high technology applications.

Experimental

Go following a modified Hummers method from graphite powders [9]. The dried
GO was dispersed in deionized water and exfoliated to graphene oxide by ultra-
sonication for 3 h to obtain a homogeneous suspension. PVDF powders were added
into the suspension, and then mildly stirred at 80 °C. The GO sheets were coated on
PVDF powders after a large amount of water was evaporated. In order to remove
the residual water the obtained composite powders were kept under the vacuum at
80 °C for 24 h and subsequently hot pressed at 200 °C for 2 h to form the thermally
reduced GO/PVDF composites. A GO sheet has also been hot pressed at 200 °C for
2 h, where it lost 43% of the original mass. The volume fractions of RGO were
obtained based on the mass loss and the density of graphene (ρ = 2.2 g/cm3) [10].
The morphology of GO coated PVDF powders was observed in a scanning electron
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microscope (SEM) (JEOL JSM-6700F). Electrical measurements were performed
with a Solartron 1260/1296 in frequency ranging from 102 to 106 Hz. The disk
specimens were coated with silver paste prior to electrical measurements.

Results and Discussion

Figure 1 shows the dispersion of GO on PVDF particles. It can be seen that GO
nanosheets are randomly dispersed on the surface of polymer particles. There are
some polymer particles are almost entirely covered with GO sheets, at the same
time a small number of GO aggregates are also present. Figure 2 reveals the optical
pattern of composites with the segregated structure after hot pressing. The initial
distribution of GO nanosheets remains essentially unchanged on the boundaries
between polymer particles. The white regions are polymer matrices and the black
lines are RGO conductive paths. RGO sheets don’t equably disperse in the whole
polymer matrix, those only distribute on the boundary spaces between polymer
particles.

Dielectric properties of the composites are measured by using a Solartron 1260/
1296 impedance analyzer. The measurements are carried out in the frequency range
of 102–106 Hz. A parallel combination of a capacitor and a resistor is used as the
equivalent circuit model to simulate the behavior of the composites. The complex
impedance of the equivalent circuit can be denoted as follows [11]:

Fig. 1 SEM images of
GO-coated PVDF powders
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Z = Z′ − jZ ′′ =
1

1
R + j2πfC

ð1Þ

where R, f, and C are the resistance of the resistor, the frequency and the capaci-
tance of the capacitor, respectively. The dielectric permittivity ε′, which is also
known as the relative dielectric constant, is the real part of the complex dielectric
permittivity ðε= ε′ − jε′′Þ. The loss factor ðtan δ= ε′′ ̸ε′Þ is commonly used as a
measure of the energy dissipation in a dielectric material. Thus ε′, tan δ and the
alternating current (AC) conductivity ðσÞ of the composites can be calculated as
follows:

ε′ =
Z ′′

2πfC0ðZ ′2 +Z ′′2Þ =
Z ′′d

2πfAε0ðZ ′2 +Z ′′2Þ ð2Þ

tan δ=
Z ′

Z ′′
ð3Þ

σ =2πf ε0ε′′ =
Z ′d

AðZ ′2 +Z ′′2Þ ð4Þ

where d and A are the thickness and the surface area of the samples. The dielectric
permittivity ðε′Þ, AC conductivity ðσÞ and loss factor ðtan δÞ of the RGO/PVDF
composites as a function of frequency at room temperature are showed in Fig. 3. As
expected, dielectric properties of the RGO/PVDF composites reveal a typical per-
colation transition behavior as the volume fraction of RGO increases. In the studied
frequency range of 102–106 Hz, the dielectric permittivity of pure PVDF material
gradually decreases from 9.5 to 7.2 as the frequency increases (see Fig. 3b). It is
distinctly observed that the dielectric permittivity of the composites can be

Fig. 2 The optical
micrograph of RGO/PVDF
composite
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enhanced by filling RGO nanosheets. At low filler content ð≤ 0.0986 vol.%Þ, the
dielectric permittivity of the composites still exhibits a slow decrease trend along
with the increasing frequency and are less than 15 at 100 Hz. When the RGO
volume fractions are from 0.267 to 1.61 vol.%, the dielectric permittivity values of
composites are from 277 to 940 at 100 Hz and from 225 to 754 at 1000 Hz (see
Fig. 3a), which can be well explained by interfacial polarization effect and
microcapacitor model [12]. The conductive RGO nanosheets are isolated by insu-
lating PVDF Particles, those form lots of microcapacitor structures throughout the
composites. The microcapacitors give rise to a significant increase in the intensity
of local electric field, which can further promote the migration and accumulation of
charge carriers at the interfaces between the RGO nanosheets and PVDF host. The
dielectric constants depended on the frequency should be mainly ascribed to the
Maxwell−Wagner−Sillars (MWS) polarization in the low frequency range [13].
MWS interfacial polarization occurs whenever there is an accumulation of charge
carriers at an interface between two materials. The free charges in graphene pile up
at the interface touch off the strong MWS polarization, and thus lead to the
dielectric constant increase. In this context, the permittivity becomes more sensitive
to frequency and rapidly decreases with the increasing frequency. The percolation
threshold of 0.105 vol.% (t = 1.101) was obtained in the thermal RGO/PVDF
composites with a segregated structure [7]. Above the percolation threshold
ð≥ 0.263 vol.%Þ the conducting network forms in the PVDF matrix, and the
dielectric loss increases markedly with increasing filler content (see Fig. 3c). For
composites incorporated with conductive fillers, the dielectric loss is mainly caused
by the leakage current in the composites. Higher content of conductive filler could
construct more conductive pathways, which leads to more leakage current and
dielectric loss. For the conductivity, when the filler contents are below percolation
threshold an obvious increase in the conductivity values is observed with the
increase of frequency (see Fig. 3d). As the RGO loading exceeds 0.105 vol.%, the
conductivity values show typical percolation transition from insulator to semicon-
ductor. At the filler contents higher than 0.105 vol.%, the conductivity exhibits a
conducting feature that is hardly affected by the change of frequency.

Figure 4 shows the dielectric permittivity and loss factor of the RGO/PVDF
composites as a function of volume fraction of RGO at 103 Hz. For the composites
incorporated with conductive fillers, by the percolation power law the changes of
the dielectric permittivity can be depicted as follows [12, 14, 15]:

εeff ∝ ðfc − f Þ− s for f≺fc ð5Þ

σ ∝ωu as f → fc ð6Þ

where εeff is the effective dielectric permittivity of the composite, s is a critical
exponent, ω=2πf , u = t/(t + s) is the corresponding critical exponent, f and fc are
the volume fraction of RGO fillers and the percolation threshold, respectively. As
can be seen in Fig. 4a, the experimental values of dielectric permittivity of the
composite agree with Eq. 5, with s = 0.109 (see bottom-right inset in Fig. 4a). u is
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Fig. 4 Dielectric permittivity a and loss factor b of the RGO/PVDF composites as a function of
volume fraction of RGO at 1000 Hz. The insert shows the log–log plot of dielectric permittivity
with fc − f for fc > f
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calculated 0.91. The u value is slightly larger than that of Dang et al. reported [16].
From Fig. 4 it is noted that the composite (f = 0.263 vol.%) exhibits higher
dielectric constants (225) and smaller loss factor (7.9) at 1000 Hz.

Conclusions

In this study, a new preparation method of RGO/polymer composites with a seg-
regated network structure is demonstrated. The resulting composites with graphene
as conductive filler formed a two-dimensional conductive network and exhibited a
low value of the percolation threshold. The dielectric properties of the RGO/PVDF
composites are measured in a frequency range from 102 to 106 Hz. A typical
percolation transition is observed as the increase of the RGO filler content. The
dielectric properties showed a dramatic change as high as several orders of mag-
nitude near the percolation threshold. The RGO/PVDF composite (f = 0.263 vol.%)
exhibits higher dielectric constants (225) and smaller loss factor (7.9) at 1000 Hz.
This type of RGO/PVDF composites with a low percolation threshold can be
potentially applied in high energy density capacitors and high technology appli-
cations as novel dielectric materials.

References

1. Zhu YW, Murali S, Cai WW, Li XS, Suk JW, Potts JR et al (2010) Adv Mater 22:3906–3924
2. Kim I-H, Baik DH, Jeong YG (2012) Structures, electrical, and dielectric properties of

PVDF-based nanocomposite films reinforced with neat multi-walled carbon nanotube.
Macromol Res 20(9):920–927

3. Wang D, Bao Y, Zha J-W, Zhao J, Dang Z-M, Guo-Hua H (2012) Dielectric properties of
nanocomposites based on poly(vinylidene fluoride) and poly(vinyl alcohol)-functionalized
graphene. ACS Appl Mater Interfaces 4:6273–6279

4. Li YC, Tjong SC, Li RKY (2010) Electrical conductivity and dielectric response of poly
(vinylidene fluoride)–graphite nanoplatelet composites. Synth Met 160:1912–1919

5. Dang ZM, Lin YH, Nan CW (2003) Adv Mater 15:1625–1629
6. Fan P, Wang L, Yang J, Chen F, Zhong M (2012) Nanotechnology 23:365702
7. Li M, Gao C, Hongliang H, Zhao Z (2013) Electrical conductivity of thermally reduced

graphene oxide/polymer composites with a segregated structure. Carbon 65:371–373
8. Nan C-W (1993) Prog Mater Sci 37:1–116
9. Hummers WS, Offeman RE (1958) Preparation of graphitic oxide. J Am Chem Soc 80

(6):1339
10. Stankovich S, Dikin DA, Dommett GHB, Kohlhaas KM, Zimney EJ, Stach EA et al (2006)

Graphene-based composite materials. Nature 442:282–286
11. Wang D, Zhang X, Zha J-W, Zhao J, Dang Z-M, Guo-Hua (2013) Dielectric properties of

reduced graphene oxide/polypropylene composites with ultralow percolation threshold.
Polymer 54:1916–1922

12. Dang ZM, Wang L, Yin Y, Zhang Q, Lei QQ (2007) Adv Mater 19:852–857

The Dielectric Behavior in Reduced Graphene Oxide/Polymer … 793



13. He F, Lau S, Chan HL, Fan JT (2009) Adv Mater 21:710–715
14. Wang L, Dang ZM (2005) Appl Phys Lett 87:042903
15. Chiteme C, McLachlan DS (2003) Phys Rev B 67:024206
16. Dang Z-M, Peng B, Xie D, Yao S-H, Jiang M-J, Bai J (2008) High dielectric permittivity

silver/polyimide composite films with excellent thermal stability. Appl Phys Lett 92:112910

794 Y. Li and M. Li



Part XXXII
Phase Transformations
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Solid State Phase Transformation
Mechanism in High Carbon Steel Under
Compressive Load and with Varying
Cr Percent

Rumana Hossain, Farshid Pahlevani and Veena Sahajwalla

Abstract Low alloyed High carbon steels with duplex (DHCS)s structure of
martensite and retained austenite (RA) have considerable potential for industrial
application in high abrasion environments due to their hardness, strength and low
cost. Using standard compression testing, XRD, nano-indentation, EBSD and TEM,
we determined the mechanical stability of RA in DHCS under compressive stress
and recognized the phase transformation mechanism, from the macro to the nano
level. We found that at the initial stage of plastic deformation both BCT and HCP
martensite formation takes place, whereas higher compression loads trigger BCT
martensite formation. The combination of this phase transformation and strain
hardening is able to increase the hardness significantly. We also investigated the
effect of Cr on the transformation behaviour, hardness and mechanical stability of
RA with varying Cr contents. Increasing Cr% increased the stability of retained
austenite, consequently, increased the critical pressure for martensitic
transformation.

Keywords High carbon steel ⋅ Solid-state phase stability ⋅ Retained austenite
Effect of Cr

Introduction

High carbon steel with the martensite and retained austenite (RA) structure is
favourable for the extreme operation condition and high abrasion environment due
to its high hardness and relatively low cost. The amount and stability of retained
austenite in the martensitic steel plays an important role in optimizing the
mechanical properties. Changing chemical composition [1], strain partitioning [2],
formation of mechanical twinning [3], grain size refinement [4] and martensitic
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transformation [1, 5] due to the solid state compression deformation are linked to
the stability of retained austenite and mechanical property of the steel. In this steel,
metastable RA transforms to the stable martensite structure when it can pass the
required barrier energy. This energy can be achieved through, stress, strain and/or
temperature [2, 6]. The strength and ductility of this steel is affected by the phase
transformation and strain hardening effect through deformation [7, 8].

Stability of RA is studied by a lot of researcher; however there are few studies in
the literature focusing on the stability of retained austenite in the low alloyed high
carbon steel, DHCS. The present work is aimed at investigating the mechanical
stability of retained austenite grain from macro to nano scale by the standardize
compression test on bulk material and nanoindentation technique in individual
retained austenite (RA) grains, combined with electron backscattered diffraction
(EBSD), X-ray diffraction (XRD), focused ion beam (FIB) milling and transmission
electron microscopy (TEM).

Results and Discussion

We investigated 1.0% C DHCS with a mixture of plate and lath martensite and
containing ∼45–50% retained austenite. Figure 1a shows the EBSD micrograph of
the undeformed sample where BCT martensite is shown in red, HCP martensite in
yellow and the retained austenite in blue in the phase diagram. The black lines on
the maps represent the boundaries, across which misorientation is more than 15°.
These EBSD scan were conducted with a pattern binding of 2 × 2, with an
integration number of frames of 10 for 25 kV and that the step size chosen was 50
nm. The kernel average misorientation (KAM) of the undeformed steel sample is
also presented here which shows higher misorientation in the close vicinity of
martensite boundaries.

We designed a standardize compression test in the small sizes (4mm ×
4mm × 4mm) samples at room temperature with an Instron 8510 instrument
operating at 0.10 mm/min cross-head speed. Figure 1b, c shows the EBSD results
for the samples at 2000 and 3500 MPa compression. The results revealed both the
transformation of RA to martensite and the generation of smaller martensitic grains.
The corresponding XRD patterns revealed that, after deformation, there are varia-
tions in the peak intensities and a deformation-induced phase transformation
occurred as evidenced by a more prominent BCT α′-martensite peak and a reduced
γ-austenite peak. It is worth noting that at moderate compression deformation, both
BCT α′-martensite and HCP ε-martensite formation triggered. However, at larger
strain due to higher compressive load only BCT α′-martensite formation dominates.
More misorientation was observed while the sample was induced to more load. As
the compression load increases the misorientation angle becomes high enough to
form new grain boundaries which further reduces the misorientation in the
microstructure (Fig. 1b2, c2). The sample hardness increases with increasing
martensitic volume fractions because the martensitic structures act as a barrier to
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dislocation movements. Refined grains also can strengthen the microstructure.
Before compression deformation the overall hardness measured in the sample
was ∼7.51 GPa which was increased after compression deformation and calculated
to be ∼9.76 GPa in a micro Vickers hardness tests performed at 0.2HV load.

A nano indentation investigation on the individual austenite grain was performed
to identify the phase transformation phenomena at the nano level. Nano-indentation
tests were carried out in load control mode on a TI 900 Hysitron Tribolab system
with a Berkovich three-sided pyramidal diamond tip indenter with a tip radius of
100 nm. It is possible to detect the position of each indent by EBSD micrograph,
Fig. 2a shows that after the indentation the austenite grain was transformed to
martensite within the close vicinity of the indentation mark and the transformation
process was observed by several pop-in as marked with arrows in the P-h curve
(Fig. 2b). After using focused ion beam (FIB, XT Nova Nanolab 200, at 30 kV) to
prepare the sample a further TEM micrograph and SAD pattern by a Philips CM
200 with a field emission gun reveals clear martensitic transformation due to the
indentation load. It is also possible to identify the critical force (Pc) for the
martensitic transformation at the nano level due to the indentation. The first pop-in
in the elastic plastic regime of the P-h curve shows the critical load for the

Fig. 1 EBSD patterns of studied materials; Phase map and KAM (a) without compression and
compressed at b 1000 MPa and c 3500 MPa. d XRD spectrum of sample with and without
compression deformation
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martensitic transformation which is an indicative of the stability of retained
austenite at the nano level [5, 9].

Some of the elements within steel have the effect on the stability of the retained
austenite, i.e. C, Mn, Cr [5, 10] etc. This research investigated steels with varying
chromium contents in chemical composition. To keep the steel cost effective for
industrial applications we varied the Cr percentage within a smaller range to design
and characterize low cost low alloyed high carbon steel. Chromium addition caused
an increase in the eutectoid temperature and a drop in the eutectoid carbon content.
Therefore, Manganese content was adjusted to offset these effects. By adding Cr it
is possible to prevent the corrosion and oxidation and enhance the higher tem-
perature strength [11]. For this purpose we designed three steel samples with varied
Cr% within the range of 0.10–2.5%. The samples selected had similar retained
austenite in order to establish the effects of chromium on the solid-state transfor-
mation of retained austenite. Nano indentation load displacement curve of indi-
vidual austenite grains from 3 samples are presented in Fig. 3. The results revealed
that the increased Cr% contributed to the higher mechanical stability of the austenite
grains; i.e. the sample having lower Cr% (0.1–0.18% Cr) has lower critical load
which was ∼900 μN and for the higher Cr sample (0.6–0.8% Cr), it was ∼6000 μN.
At the same nano-indentation load, 8000 μN, the hardness measured 8.3, 7.5 and
6.1 GPa for low (0.1–0.18%), medium (0.6–0.8%) and high (1.8–2.5%) Cr samples
within this short range. For the increased Cr% the austenite grain resists more for
the transformation process. In the lower Cr sample, the stability of the retained

Fig. 2 a The EBSD phase map of austenite grain before and after nano-indentation.
b Nano-indentation load displacement curve of corresponding indent. The red arrows are
indicating pop-ins during nano-indentation and blue dashed line represents the calculated Hertzian
elastic contact solution. c Bright field TEM image and SAD pattern showing existence of α′
martensite and retained austenite at spot
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austenite is less and it transforms more to the martensite. As martensite is harder
than the austenite phase, more martensitic transformation leads to elevated hard-
ness. This is the reason behind the hardness variation in the retained austenite with
varied Cr%. In this study, the average hardness of retained austenite was calculated
6.95 GPa in sample with 1.8–2.5% Cr; 7.78 GPa in sample with 0.6–0.8% Cr and
7.89 GPa in sample with 0.1–0.18% Cr respectively by the nano indentation
investigation. Nevertheless, the actual hardness of austenite should be lower.
Martensitic transformation increased the nano-hardness of retained austenite.

In the current study we have described comprehensively the effect of external
compressive stress on martensitic transformations and grain size refinement, effect
of Cr% on retained austenite stability within a small range. Such understanding is
critical for controlling the microstructure, hardness and mechanical stability of
DHCS to design it as a low cost low alloyed steel for industrial applications.

Conclusion

In the present work, the mechanical stabilities of metastable retained austenite in
high-carbon steel were investigated by using a combination of standardize com-
pression test, nano-indentation, EBSD, FIB and TEM. The results revealed that, it is
possible to increase the hardness of DHCS through the combination of phase
transformation, grain refinement and strain hardening by compression deformation.
The effect of varied Cr% was also described which demonstrated that by increasing
the Cr%, the stability of retained austenite was increased, consequently, the critical
pressure for martensitic transformation was also increased. This study makes a
significant and important contribution to our understanding on DHCS, thereby
potentially opens new scopes of applications and replace more expensive high alloy

Fig. 3 a Load displacement curves by nano indentation in austenite phases for three samples. Pc
indicates the critical load for martensitic transformation. b The average critical loads for
martensitic transformation and corresponding hardness of austenite phases in the samples. This
statistics are the summarization of alteast 50 indents on austenite phase for each samples
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grade steels. This could increase the usage of cost-effective high carbon steels in
industry, with significant flow on benefits for businesses and economies.
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Microstructure Characterization of Aged
Heat Resistant Steels

Maribel L. Saucedo-Muñoz, Arturo Ortiz-Mariscal,
Victor M. Lopez-Hirata, Jose D. Villegas-Cardenas
and Ana Maria Paniagua-Mercado

Abstract The precipitation evolution was studied experimentally and numerically
during aging of as-cast heat resistant steel at 700, 800 and 900 °C. Thermo-Calc
result showed a good assessment of the non-equilibrium phases for as-cast HK40
steels in comparison to the experimental results. In contrast, the
Time-Temperature-Precipitation diagram for the M23C6 precipitation calculated
with PRISMA showed a good agreement with the experimental growth kinetics
precipitation for the steel after aging at 700, 800 and 900 °C.

Keywords Carbide precipitation ⋅ Isothermal aging ⋅ As-cast
Heat resistant steels

Introduction

Heat-resistant type steels are used usually in the as-cast condition and they were
developed to be used at high temperatures of 700–900 °C for prolonged times. This
exposure may cause the deterioration of microstructure [1]. For instance, HK40 and
HP40 steels are examples of heat resistant steels which have been applied to fab-
ricate different industrial components [2]. These components may failure because of
creep damage, metal dusting creep fatigue and the presence of brittle phases, among
other causes [3–5]. The microstructure changes usually occurs during heating of
these steels [4]. Several works [6, 7] have been conducted to study the
microstructure evolution in this steel. Thermo-Calc softwares [8] have been utilized
successfully to analyze not only the phase stability in the equilibrium and
non-equilibrium (as-cast) conditions, but also the precipitation kinetics in different
alloys at the service temperatures. PRISMA software permits to calculate
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numerically the growth kinetics of precipitation and the precipitation results can be
summarized in Time-Temperature-Precipitation TTP diagram. Thus, the purpose of
the present work is to analyze microstructural and numerically the formed phase in
two heat-resistant steels, HK40 and the precipitation evolution during the isother-
mal aging at 700, 800 and 900 °C for different times.

Experimental Procedure

The chemical composition of the HK40 steel is shown in Table 1. Specimens of
approximately 10 × 10 × 10 mm were cut from the cast ingot. These specimens
were aged at 700, 800 and 900 °C for times up to 2000 h in an electric tubular
furnace. The as-cast and aged specimens were prepared metallographically, etched
with Kalling etchant, and then observed with both light (LM) and scanning electron
(SEM) microscopes. Energy-Dispersive X-ray (EDX) analysis was used to deter-
mine the chemical composition of some precipitates in the steel specimens. Some
specimens were also analyzed by X-Ray Diffraction (DRX) with Cr Kα radiation.

Precipitate size was determined using SEM micrographs with a commercial
software installed in a PC. A Thermo-Cal and PRISMA analyses were conducted
for the phase formation and precipitation of HK40 [9].

Results and Discussion

Microstructural Characterization of Precipitation

Figure 1 shows the SEM micrographs of the microstructure evolutions for HK40
steel aged at 700, 800 and 900 °C for times up to 1500 h. SEM micrograph of
as-cast steel indicates the presence primary carbides in the interdendritic zones and
dendrites of the austenite matrix This primary carbides show an interlamellar
morphology because they are formed by a eutectic reaction, as will be explained
later. XRD diffractogram is shown in Fig. 2 for as-cast steel and it indicates the
presence of XRD peaks corresponding to the austenite matrix and M7C3 carbides.

The aging process causes the precipitation of secondary carbides in the austenite
matrix. These carbides have a cuboid morphology at the beginning of aging and it
changes to rectangular plates with aging time. These plates show a crystallographic
alignment with the austenite matrix [10]. The size of precipitates increases with
aging time and temperature, as shown in Fig. 3. The coarsening process of

Table 1 Chemical
composition in wt% of steel

Steel C Mn Si Cr Ni Nb Ti

HK40 0.40 1.50 1.60 25.00 20.00 – –
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secondary carbides is notorious during aging at 800 and 900 °C for long aging
times. The decrease in the density of precipitates is clearly observed for these cases.
Figure 5 shows the variation of radius to cube versus aging time having a linear

Fig. 1 SEM micrographs of the aged at 700, 800 and 900 °C for different times

Microstructure Characterization of Aged Heat … 805



dependence which suggests that the coarsening of secondary carbides is a
diffusion-controlled process as predicted by the Lifshitz-Slyozov-Wagner theory
[11]. The primary carbides are observed to be gradually dissolved with aging time.
XRD diffractograms for the specimens aged at 800 and 900 °C for 1500 h, as
shown in Fig. 3, which indicates that the precipitates correspond to M23C6 carbides
for both specimens.

The EDS-SEM element mapping images of the steel in the condition of as-cast
and aged at 700 °C for different times is shown in Fig. 4. This figure shows clearly
that the primary carbides are mainly composed of Cr; however, the presence of Mn
is also noted. The chemical composition of secondary carbides is not clearly dis-
tinguished in Fig. 4. Nevertheless, SEM-EDS analysis reveals that are mainly
composed of Cr and Fe.

Fig. 2 XRD diffractogram of
the as-cast steel

Fig. 3 XRD diffractograms
of the steel aged at 800 and
900 °C
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The previous characterization results point out that the secondary M23C6 car-
bides are formed by the following precipitation reaction:

γ→ γ+ M23C6 ð1Þ

That is the formation of M23C6 precipitates is useful to increase the creep
strength of the steel when is in-service operation at high temperatures.

Fig. 4 EDS-elemental mapping for the as-cast steel and aged at 700 °C for different times

Fig. 5 Plot of r3 versus aging
time for the steel aged at 800
and 900 °C
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Thermo-Calc and PRISMA Analysis

The analysis of solidification for the steel was carried out based on the
Scheil-Guiliver equation [8]. This analysis permits to determine the
non-equilibrium phases formed during the alloy solidification. For instance, Fig. 6
shows the plot of temperature against the mole fraction of all phases. This figure
indicates that the first solid phase is the austenite (FCC_A1#1 in Thermo-Calc
designation) dendrites and subsequently the primary carbide M7C3 is formed fol-
lowing the eutectic reaction: L → γ + M7C3. Furthermore, Themo-Calc predicts
that the eutectic reaction takes place at approximately 1260 °C which is in good
agreement with the literature [6]. The presence of this lamellar microconstituent is
also observed in as-cast steel, Fig. 1. Thermo-Calc also shows that the carbides are
not only formed by C, but also Mn content is also present which is in agreement
with Fig. 4. As the temperature decreases, Fig. 6 shows that the M23C6 can pre-
cipitate from the supersaturated austenite matrix. The delta ferrite phase (BCC_A2)
can also be present at low temperatures in a low volume fraction. This phase was
not detected by XRD analysis of Fig. 2.

Figure 7 shows the equilibrium isoplethic or pseudobinary Fe-Cr phase diagram
calculated by Thermo-Calc. This diagram shows clearly that the γ austenite and
M23C6 carbides (FCC_A1#1 and M23C6) are the equilibrium phases expected for
the steel composition at temperatures between 700 and 900 °C. These phases are
consistent with the phases detected in the steel aged at 800 and 900 °C for 1500 h.
This also confirms the precipitation reaction, as described previously.

TC-PRISMA [8, 12] enables us to calculate the Time-Temperature-Precipitation
TTP diagram of M23C6 carbide precipitation for this steel. The chemical compo-
sition of the austenite phase was calculated by Thermo-Calc using the Scheil
module. This is very close to that of the real alloy composition. Additionally, the
interfacial energy between γ and M23C6 was considered to be about 0.23 J/m2,
according to the literature [12].

Fig. 6 Thermo-Calc
calculated plot of temperature
against mole fraction of the all
solid phases calculated for the
steel
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TC-PRISMA solves numerically the equation of the modified Langer-Schwartz
theory [11] which consider that the nucleation, growth and coarsening of precipi-
tates is concomitant. The solution can be completed using the N-model of Kapmann
and Wagner [11]. The precipitation was considered to be a homogeneous nucleation
process (bulk nucleation). TTP diagram is presented in Fig. 8 which indicates that
the nucleation and growth kinetics of M23C6 precipitation in the austenite matrix
occurs more rapidly at about 880 °C which is consistent with SEM microstructure
of Fig. 1 which shows a faster kinetics of precipitation at about 900 °C than that of
the other two temperatures, 700 and 800 °C.

Fig. 7 Thermo-Calc
calculated equilibrium pseudo
binary Fe-Cr phase diagram
of the steel

Fig. 8 TTP diagram of
M23C6 precipitation for the
steel
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Conclusions

Thermo-Calc analysis of as-cast HK40 steel assessed correctly the non-equilibrium
formed phases. These are mainly M7C3 carbides and austenite. Aging treatment at
temperatures of 700, 800 and 900 °C for different times promoted the precipitation
of M23C6 in the austenite matrix. PRISMA calculated TTP diagram for the M23C6

precipitation is consistent with the SEM observations of the aged steel.
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Sublimation and Self Freezing of Planar
Surfaces in Rarefied Atmospheres

Rahul Basu

Abstract A simulation of phase transformations in planar geometries under vari-
ous boundary conditions is performed. The case of ablation accretion self-freezing
under rarefied atmospheres application of external heating is looked at for the
ice-water-vapor naphthalene systems. Consideration of ablation is important in
applications with space shields in space flight under radiation heat sources along
with near vacuum conditions. Recent Noninvasive methods in cryogenic surgery
also rely on the production of extreme cold in subcutaneous layers by surface
ablation. In this paper sample calculations for water-ice naphthalene give the
velocities of the freezing vaporization fronts under various parameter combinations
assuming isotropic properties in each phase. It is shown that considerable difference
exists between the cases of self-freezing ablation accretion. For instance in the case
of water rates of self- ablation without heat sources self-accretion (as in the for-
mation of ice crystals directly from vapor) differ by an order of Magnitude.

Keywords Self-freezing ⋅ Sublimation ⋅ Ablation ⋅ Moving boundary
problem

Nomenclature

A,B,C,D,E Constants
D Differential operator
a(t),R(t) Interface position with time
g Thermal concentration gradient
c Concentration
K Diffusivity
k Conductivity
L Latent heat of transformation (melting or vapourization)
Q Heat sink/source strength
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r Radius
s, r Coordinates in rectilinear and cylindrical, or spherical coordinates
t Time
u,v Temperatures
α Eigenvalue for the position of interface
μ Inverse Stefan parameter
ε Remelt, porosity term
ρ Density
θ Non dimensional temperature
Θ Non dim initial temperature
η Fourier number (non dimensionalised time/distance)
Fo Fourier number
Bi Biot number
Ste Stefan number (latent heat/sensible heat)
erf Error function
grad Gradient function, Ei exponential integral function

Introduction

The ice-vapor and naphtha-vapor sublimation cases which are of theoretical and
practical interest are simulated. Sublimation involves a direct transformation from
solid to vapor. No liquid phase is produced; the latent heat of sublimation can be
estimated by summing the heats for melting, thermal heat to go up to vaporization
and the latent heat of vaporization. The cases of self-sublimation without any heat
source are also examined.

Practical instances of sublimation exist in space vehicles operating in cold regions
of space under near vacuum, production of whiskers and preservation of food and
artifacts by treatment in a vacuum. Naphtha is of interest as it is used in experimental
flow studies as a tracer, as it sublimes at room temperature. A further interesting
feature of Naphtha is the observation that it condenses in the form of needles. This
fact prompts the subsequent modeling and simulation of sublimation from a general
surface (plane or spherical) and condensation as solid in the form of cylinders. One
further difficulty is the determination of the physical constants of heat transfer for
Naphtha. The heat and mass transfer analogy is used as one way out of this difficulty,
Cho and Goldstein [1]. Naphthalene is used in flow studies and has been described
by Haring et al. [2] and de Souza-Mendes [3] with the mass transfer analogy.
Naphthalene sublimation has been analyzed with neural and evolutionary models by
Curteanu et al. [4], for optimal sublimation rates. Its use has also been reported for
electronic cooling to obtain accurate heat transfer rates by Schmidt [5].

As a physical phenomenon, ablation is important in applications for space
shields in space flight under radiation and heat sources along with near vacuum
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conditions. Naphthalene has found application as a tracer in various experiments.
Carbon composites and various allotropes of Carbon have been developed espe-
cially for Nano technology. The different structures and allotropes of Carbon allow
for much scope and latitude in the design and fabrication of novel products. In this
paper, sample calculations for naphthalene give the velocities of the freezing and
vaporization fronts under various parameter combinations. It is found that con-
siderable difference exists between the cases of self-freezing, ablation, and accre-
tion. However, the data for diamond is scarce. Diamond films are much sought after
for various technological reasons, a model for deposition directly from vapor is
therefore of value.

The coupled diffusion equations and are usually solved numerically. In order to
study stability, a criterion is developed using the linearised equations. The main
controlling factor is the motion of the interface and the energy flux across this
boundary, and whether the velocity of movement allows for the flux to be sustained.
After linearising, a transform is applied to decouple the concentration (mass) and
heat terms, giving an exact as also perturbation solutions in terms of a small
parameter using the Stefan number.

The usual coupled equations are given by the heat equation coupled with the
remelt terms which add a heat source, and the concentration or mass transfer
equation. The decoupling is through a variable Z = Θ + βC, the decoupling con-
stant β allows a diffusion equation in Z to be solved, and subsequently, the indi-
vidual heat and concentration terms can be extracted from this solution.

Equations for the Thermal Mass Coupled Problem

Let αm = mass diffusivity, αI = thermal diffusivity in region i, ε = porosity,
ρ = density

Cp= sp.heat, U= non− dim conc, τ= time, ατ ̸r2 = Fo=Fourier no, α12 = α1 ̸α2
ð1Þ

Generic Solutions are given in Paterson [2] as:

Linear: θ=Constant* erf r +Bð Þ ̸ 2 sqrt K t +Eð Þð Þ½ �f g+ constant ð2Þ

Cylindrical: θ=Constant*Ei½− r2 ̸ 4K t +Bð Þð �+ constant ð3Þ

Spherical:

θ=Constant*½ K t+Bð Þð �0.5 ̸r expð− r2 ̸ð4K t +Bð Þð Þ− π0.5 ̸2 erfcðr ̸2 K t +Bð Þ0.5
� �

+Constant

ð4Þ
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Thermal balance across the phase interface boundary requires

K1dθ1 ̸dt−K2dθ2 ̸dt = ρL ds ̸dtð Þ ð5Þ

where s(t) is the interface position.
(Here erf is the error function, Ei the error integral function).
In particular, papers appearing on self-freezing and sublimation are rare.

Sublimation or Ablation of Various Shapes

The sublimation and ablation case is tackled by utilizing the latent heat as the
driving force, without any separate heat source or sink in the above equations, i.e.
Q is zero, and the sign of L chosen appropriately. Sublimation is important when
transformations occur in near vacuum. The shapes of practical interest are the
sphere and the plane. The sublimating sphere (directly to vapour, without liquefying
first) can be tackled mathematically with appropriate boundary conditions, making
use of material constants in the balance equations [5].

An artifice is used to reduce the spherical case to the planar or the
one-dimensional case, as given by Crank [6]. Let T = U/r, then the spherical dif-
fusion equation transforms to the familiar one-dimensional case, the solutions of
which can be written:

T−Toð Þ ̸ T1−Toð Þ= a ̸rð Þerfc r− að Þ ̸2Sqrt Dtð Þ. ð6Þ

Since the calculations start at r = a, the boundary condition at r = 0 is avoided.
To is the initial temperature at r > a, and r = a maintained at T1. If one keeps to

finite radii and avoids the singularities at the origin, these three scenarios can be
represented by these formulae. In the present case, let us look at the spherical case:
By means of the transform U = Tr, both the spherical and rectilinear cases can be
represented by the erf formula, with the small change that for the spherical case, the
erf is divided by r.

The output of the erf and the erf/r functions is

T=To+ T1−Toð Þ erfðηÞ ð7Þ

T=To+ T1−Toð Þ a ̸rð Þ erff r− að Þ ̸2sqrt Dtð ÞÞ, ð8Þ

These are the equations for the planar 1 D geometry, which are the same for the
spherical case with appropriate change in functions. In the computations that fol-
low, Eq. (4) was used without the [erf/r] term as in Eq. (9).

The change of variables θ = Tr allows one to convert the spherical to the rec-
tilinear case. Using typical values for water vapour as: density ρ = 1.694 kg/m3 at
1 bar, diffusivity K = 2.338 × 10−5 m2/s, conductivity varying from 0.016 to
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0.0248 W/m/K, L (latent heat) = 540 cal/gm. With the reaction driven by the heat
of sublimation which is 540 + 73.6 + 100 = 713.6 cal/gm, a WOLFRAM calcu-
lation was performed.

It was found that for sublimation in the adiabatic case, since the motion of the
interface depends only on the latent heat of the solid-liquid-vapour = solid vapour,
the velocity is much lower. The solution is extremely sensitive to round off at the
3rd dec. place. Paterson [7] lists several solutions with heat sources. Sublimation,
however, could depend on external heat sources or self-driven through the latent
heat evolved by a freezing front behind the sublimating interface. In the present
simulation, the parameters for the two phases pertain to solid and vapour, not solid
and liquid as in melting or freezing.

Heat damage to space shields can be caused by ablation in the vacuum of space
and subsequent friction with the atmosphere. Several papers have appeared giving
details of ablation for cryosurgery, analysis of ice cores and laser destruction by
ablation of space garbage and debris [8–12]. A further point of interest is that mass
loss or gain in space vehicles caused by sublimation or accretion would affect the
flight trajectories, especially in long distance missions.

In the case of the thermal balance equation for sublimation of ice from a sphere,
after transformation to rectilinear coordinates, it is seen that a sign change in L acts
to shift the sublimating surface across to the other end of the slab. Here, this
depends on the sign of the terms in Eq. (7). For the case of self-sublimation
(ice-vapour), the source strength is zero, and the results are given in the following
figures. The exact spherical solution has been attempted unsuccessfully by many,
and some numerical methods were used by Wu, McCue, Stewartson [13–16]. Nano
composite formation with micro spheres applies some of these concepts; Wu [16],
while the actual sublimation or accretion occurs under conditions of convective
transport. However, due to the difficulties in getting exact solutions, an approxi-
mation is applied.

The Case of the Adiabatic Boundary

The inward solidification of a sphere may be considered by transforming to a
rectilinear problem by the change of variables mentioned. A similar problem was
claimed as unsolvable [13]. Following the notations in [13], which apply to a
spherical geometry:

du ̸dt = 1 ̸r2 d ̸dr r2du ̸dr
� �

R< r < 1 ð9Þ

dv ̸dt =K ̸r2 d ̸dr r2dv ̸dr
� �

0< r <R ð10Þ

where R is the interface, u = v = 0 at the interface (r = R)
BC u = − 1 on r = 1, U = 0 on r = R, dv/dr = 0 on r = 0, V = 0 on R
Initial Conditions v = V at t = 0, R = 1 at t = 0
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(u = the solid and v = the liquid phase temperatures).
This particular problem describes inward solidification of a liquid sphere, with

zero flux at the origin. The transformed coordinates allow one to visualize the
problem in a more intuitive way since the original problem involves a zero
derivative at the origin, which if transformed, becomes a planar boundary at the left.

For the generic case, the general solution is a spherical error function, namely
spherf(r/2(t)0.5)

With general solution of the form U= A+B spherf r ̸t0.5
� � ð11Þ

The boundary conditions given in [10] are satisfied by applying u = − 1 at
t = 0, giving

A = − 1
Since u = 0 on r = R (interface), one obtains B in terms of spherf(λ), specifi-

cally, B = 1/spherf(λ)
Next apply dv/dr = 0 on r = 0.

This general solution is v =C+D spherf r ̸ ktð Þ0.5
� �h i

ð12Þ

dv ̸dr = −D ktð Þ0.5 ̸r2exp − r2 ̸4kt
� �Þ ð13Þ

At r = 0, the expression is 0 if C= 0, consequentlyC= 0, and v=D spherf r ̸ ktð Þ0.5
� �h i

ð14Þ

From the stated boundary conditions, v is constant at all times (given by
v = V = C from our solution). The analytical solution to this set of equations is
v(r,t) = constant to the left of the interface. We have to now choose the value for
the constant. But it is also given that the interface temperature is v = 0 (in reduced
coordinates). The temperature is seen to jump from the one given constant from the
boundary (v = V) to another at the interface, v = 0. The given conditions are
inconsistent in this sense and at the best, the problem is badly posed. Given the
adiabatic boundary, the temperature cannot smoothly change from v = V at the
adiabatic boundary to v = 0 at the phase interface, with any set of functions sat-
isfying these conditions. v = 0 on r = R, is not physically compatible with the
stated condition v = V at t = 0, because the analytical solution for v(r, t) is a
constant. Hence either v = 0 or v = V, so only v = 0 can be chosen to be con-
sistent with the temperature (reduced) at the phase interface.

Hence D = 0 everywhere along with C = 0. The melting temperature has to
remain constant in the molten region. In the absence of sinks, heat cannot dissipate
since dT/dx = 0 at x = 0. Thus v = 0 everywhere. This problem then has the
solution (in the absence or sources or sinks)
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U= − 1 + B spherf r ̸2 t0.5
� �� �

, B = 1 ̸sph erf ðλÞ R< r < 1 ð15Þ

Along with v = 0, 0 < r < R, given R = 1 at t = 0.
In terms of the expansion at r = 0, the Laurent series for the spherical error

function is

U= − 1+B ½t0.5 ̸r− π0.5 ̸2+ r ̸4t0.5 − r3 ̸96 t3 ̸2 + 0 r4
� �� ð16Þ

In other words the solution v = V at t = 0 and v = 0 at r = R cannot be
simultaneously satisfied by the same expression for v which is a constant.

In reality, sources or sinks must be present to maintain a constant temperature in
the diffusive field given by the second order spatial terms with differing boundary
conditions. That is to say, a heat addition or subtraction artifice maintains a constant
temperature. Sinks or sources affect the shape of the error function curve and one
can only get a zero derivative at the boundary this way. Another alternative is to
have a uniformly constant temperature. This version of the solution has the tem-
perature at a constant value v = V = C calculated on the basis of the I.C at t = 0 in
the absence of any distributed heat sinks or sources. In the case of ablation or
sublimation, if a zero heat flux is applied at the centre, the only possibility is for
heat to be dissipated in the mass behind the interface by heating or melting or in this
case, sublimation at the surface. Sublimation avoids the buildup of heat behind the
surface and thus the phase velocity adjusts itself accordingly to keep a mass and
heat balance as in the energy balance equations.

Application to Water and Naphthalene

Data for Naphthalene is used from sources Bonning, David, Chirico [17–19]. The
latent heat of sublimation is reported as varying by different sources, a value
131.9 cal/gm is used. Similarly, the conductivity, diffusivity, and density have been
taken from the sources [13, 14, 20]. One of the interesting features of naphthalene is
its sublimation at room temperature. The morphology of deposited naphthalene has
been reported from solution as either needles or plates, Simbrunner [21]. Naph-
thalene has an interesting structure as a pair of rings and thus the crystal may grow
axially or radially, depending on the substrate. Presumably, the same reasoning
holds for rarefied atmospheres although the literature is scant. A further interesting
fact is that the deposition of vapour to solid (reverse sublimation or accretion)
occurs in the form of needles, for naphthalene [19] and for similar compounds like
phenytoin, Eheman [22]. In the case of water vapour to solid, the patterns of
snowflakes are well-known and occur in the planar direction. For Naphthalene, a
vapour to cylinder sublimation model is suggested by the observations. In Librecht,
a diagram (Nakaya) [23] portraying the preferred morphology of the crystals
growing at various saturations and temperatures indicates that the plates and needles
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form alternately. The simulations done here, (termed two-sided Stefan since the
parameters vary on both sides of the interface), indicate the velocities of plane and
cylinder are closer than those of the spherical morphology. (The order appears to be
cylinder-planar-spherical). The data for water and ice are given in Paterson [7]. The
rates for water-ice sublimation and naphthalene sublimation as calculated in the
present work also show a preference for certain geometries as can be seen from
Figs. 1 to 2. It is clear that the difference between the sublimation rates for ice and
naphthalene are quite significant, as Naphthalene sublimates easily at room
temperature.

Conclusion

Solutions for self-freezing and ablation cases are developed in the rectilinear and
spherical case. In the case of adiabatic conditions, (as in insulated space vehicles),
sublimation from the surface is very likely, as the frictional heat cannot dissipate
inwards. Data for Carbon compounds are not reliable because of the many allo-
tropes in existence, especially of the nano forms. It is found that the preferred
morphologies for water-vapour deposition are different from those of Naphtha.

Fig. 1 Combined
sublimation plot naphthalene,
showing rate versus
temperature

Fig. 2 Combined
sublimation plot water-ice,
melting temperature versus
transformation rate
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In the special case of pure Carbon, due to the small difference between graphite and
diamond one can easily get graphite instead of diamond in the vapour deposits. The
difference in heat of combustion for graphite and diamond is only 2 kJ/mole, and
similarly, the difference in heat of fusion is also about 2–3 kJ/mole. Further refined
calculations should be able to predict the preferred form of the deposited vapour
from a sublimate. The equilibrium sublimation rates for ice and naphthalene are
found to differ by an order of magnitude (Figs. 1 and 2).
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Effect of Precipitation on Creep Properties
of Ferritic Steels

Maribel L. Saucedo-Muñoz, Arturo Ortiz-Mariscal,
Shi-Ichi Komazaki and Victor M. Lopez-Hirata

Abstract The precipitation evolution was studied experimental and numerically
during aging of 5Cr-0.5Mo steel at 600 °C. M23C6 precipitation occurred intra- and
intergranular during aging. The coarsening of the carbides was observed to occur
with the increase in aging time. The hardness decreased with aging time. The creep
tests at 600 °C shows that the time-to-rupture decrease with increasing testing
stresses. Besides, the creep deformation occurred in a transgranular. Both intra-
granular and intergranular precipitates coarsened during the creep test.

Keywords Carbide precipitation ⋅ Creep ⋅ Ferritic steel

Introduction

Ferritic alloy steels are widely employed to fabricate industrial equipment such as,
heat exchanger and direct fired heaters tubes [1–3] since they possess good
mechanical properties at operation temperatures from 400 to 600 °C for very
prolonged and thus the deterioration in mechanical properties, toughness and creep
strength, are associated to the long exposure of heating which causes microstruc-
tural changes such as, grain boundary segregation and coarsening of precipitates
[2, 3]. Ferritic steels are usually used after its heat treating which usually consists of
normalizing and tempering. That is, the precipitation process starts from those
treatments and it continues during its in-service operation for prolonged times. An
example of this type of steel is the ferritic 5Cr-0.5Mo steel [4]. This steel has a
microstructure composed of ferrite and carbides which confers good creep strength
to the steel. Thermo-Calc and PRISMA [5] commercial software have shown to be
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a powerful tool to analyze the phase stability and precipitation kinetics of different
industrial alloys. Thus, it is a good alternative to analyze the precipitation of ferritic
steels. Therefore, the purpose of present work is to study the precipitation process in
ferritic 5Cr-0.5Mo steel, as well as its effect on the creep behavior.

Experimental Procedure

The chemical composition of 5Cr-0.5Mo steel is shown in Table 1. The steel plate
has a thickness of about 16 mm and it was received after austenizing at 950 °C for
8 min then air cooling, and subsequently tempering at 750 °C for 16 min and then
again air cooling. This plate was cut to obtain specimens of about 10 × 10
10 mm. Aging treatment was conducted at 600 °C for times up to 7000 h. Both
as-received and aged specimens were prepared metallograpically using emery
papers and alumina solution, and then etched with Nital etchant to be observed wit
optical microscope (OM), and conventional and high-resolution scanning electron
microscopes (SEM) equipped with EDS analysis. Vickers hardness of specimens
was determined wit 50 g and 12 s. In addition to, a uniaxial creep test was con-
ducted at 600 °C and, 78 and 95 MPa following the standard procedure described in
JIS Z2271 [6]. Thermo-Calc and PRISMA softwares [7] were used to evaluate the
phase stability and precipitation kinetics at 600 °C.

Results and Discussion

Microstructural Evolution

Figure 1 shows the High-Resolution (HR) SEM micrographs of the microstructure
evolutions for 5Cr-0.5Mo steel aged at 600 °C for 0 (as-received), 200 and 2000 h.
SEM micrograph of as-received steel, 0 h, indicates the presence of equiaxed ferrite
and bainite which was formed during the normalizing process. Besides, inter- and
intragranular fine precipitation seems to be present. As the aging progresses, two
events are evident: first the disappearance of bainite and the coarsening of intra and
intergranular precipitates which also shows a decrease in density number of pre-
cipitates [8]. The EDS-SEM microanalysis of some precipitates indicates that the
carbides are richer in Cr, but Fe and Mo are also present. The variation of Vickers
hardness number, VHN, with aging time is shown in Fig. 2 for the steel. There is a

Table 1 Chemical composition in wt% of the steel

C Cr Mo Mn Si Cu Ni Nb V Ti S P

0.096 4.531 0.911 0.351 0.344 0.041 0.117 0.003 0.009 0.003 0.005 0.009
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decreasing tendency of hardness with time. This can be attributable to the coars-
ening process of carbides.

The creep curves of the steel creep tested at 600 °C with stresses of 75 and
98 MPa are shown in Fig. 3. These curves show clearly the secondary and tertiary
creep stages. The primary stage is not appreciated due to the scale of strain axis.
The higher the stress, the shorter time-to-rupture and faster creep strain rate of the
secondary stage. SEM micrographs of the creep tested, corresponding to Fig. 3, are
shown in Fig. 4a, b.

Fig. 1 HR-SEM micrographs of 5Cr-0.5Mo steel in the condition of a as-received, and after
aging at 600 °C for b 200 h and c 2000 h

Fig. 2 Vickers hardness
versus aging time at 600 °C
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These SEM micrographs show that the presence of slightly elongated ferrite
grains which suggests that the creep deformation takes place in a transgranular
mode. Besides, the existence of both intra and intergranular precipitates can be
observed in the tested specimens. Furthermore, the appearance of fracture surface
was ductile mode for both tested specimens [9, 10].

The pseudoternary Fe-Cr-Co phase diagram at 600 °C is shown in Fig. 5. This
diagram indicates that the equilibrium phases are ferrite and M23C6 for the
5Cr-0.5Mo steel. Nevertheless, several works [4] have pointed out that the first
precipitated phase is Fe3C during aging, and subsequently M7C3 carbide and the
last precipitated to be formed is M23C6. Thus, the precipitation process was ana-
lyzed using PRISMA software. Both inter- and intragranular precipitation were
analyzed considering an interfacial energy of 0.2, 0.3 and 0.2 J m−2 [7] for the
interfaces of ferrite phase with Fe3C, M7C3 and M23C6 phases, respectively, and a
ferrite grain size of about 100 μm. For instance, Fig. 6 presents the PRISMA
calculated Time-Temperature-Precipitation TTP diagram for the precipitation of

Fig. 3 Creep curve of the steel at 600 °C with stresses 78 and 95 MPa

Fig. 4 SEM micrographs of the creep tested specimen at 600 °C with stresses of a 78 Mpa and 95
Mpa
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Fe3C, M7C3 and M23C6 phases on dislocation, intragranular precipitation. The
calculated TTP for intergranular precipitation shows a faster growth kinetics than
that for dislocation precipitation. Nevertheless, both TTP diagrams confirm the
precipitation sequence described previously. This figure seems to suggest that the
Fe3C phase would be the first phase formed, after a normalizing of the steel at a
cooling rate of approximately 0.6 °C s−1. This TTP diagram also indicates that the

Fig. 5 Thermo-Calc
calculated pseudoternary
Fe-Cr-Mo phase diagram for
the steel

Fig. 6 PRISMA calculated
TTP diagram for the steel
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fastest growth kinetics of precipitation occurs at about 700 °C which is the mini-
mum requested tempering temperature for this steel. That is, the precipitation
reaction may be completed after normalizing and tempering to produce fine M23C6

precipitate distribution to exhibit good creep strength.
The Thermo-Calc calculated coarsening rate of M23C6 carbides at 600 °C is

shown as a function of Cr and C content of the steel. The higher coarsening rate
may occur for C content of about 0.1 wt% with a Cr content of about 3 wt% Cr. This
fact suggests that the creep strength of 5Cr-0.5Mo steel will be decreased due to its
prolonged exposure at 600 °C (Fig. 7).

Fig. 7 Thermo-Calc calculated variation of the coarsening rate at 600 °C as a function of Cr and
C content of the steel
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Conclusions

This study shows that the precipitation sequence is as follows: Fe3C to M7C3 and
finally to M23C6 which starts from the normalizing and tempering treatments. The
steel exposure at 600 °C promotes the coarsening of M23C6 carbides which may
decrease the creep strength of the steel since the number density of precipitates is
decreased. The creep deformation took place in a transgranular way.
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Microstructural Evolution of a New Beta
Titanium Alloy During the Beta
Annealing, Slow Cooling and Aging
Process

S. Sadeghpour, S. M. Abbasi and M. Morakabati

Abstract A new beta titanium alloy Ti–4Al–7Mo–3Cr–3V (Ti-4733) was
developed and its microstructural evolution during the Beta Annealing followed by
Slow Cooling and Aging (BASCA) process was investigated. The effect of
microstructure on the tensile properties was discussed and compared with the one of
the commercial titanium alloy Ti-5553. The results showed that the BASCA heat
treatment results in a microstructure with combination of grain boundary α and
lamellar α phase colonies formed during the slow cooling and fine acicular α
precipitates formed during the subsequent aging. The BASCA-processed specimens
exhibited a high elongation and relatively high strength. The fracture mode in
BASCA specimens was found to be a combination of ductile and transgranular
brittle fracture. Although the alpha phase morphology was similar in both the
alloys, the obtained microstructure was generally finer in Ti-4733 than in the
Ti-5553 alloy, leading to enhanced tensile properties.

Keywords Beta titanium alloy ⋅ BASCA heat treatment ⋅ Alpha phase
morphology ⋅ Tensile properties ⋅ Fracture

Introduction

The Ti–Al–Mo–V–Cr composition is an important alloy system in which several β
titanium alloys were introduced and used in commercial applications [1]. The most
popular example is the Ti-5553 alloy that is a high strength β titanium alloy with
chemical composition of Ti–5Al–5Mo–5V–3Cr (wt%). This alloy was primarily
designed for high-strength forging applications as an improved version of the
Russian alloy VT22 (Ti–5.7Al–5.1V–4.8Mo–1Cr–1Fe) on account of improved
properties and deep hardenability over large thickness compared to the VT22.
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The Ti-5553 alloy proved also to be a better alternative than the Ti-10-2-3 alloy in
some applications [1]. While the metastable β alloys generally display better cold
workability when compared to α and α + β titanium alloys, unfortunately the cold
workability of the most common high strength β titanium alloys, such as the
Ti-5553, is not too high. This can be considered as a drawback for the Ti-5553 alloy
restricting its application to bulk structures. Recently, a new Ti–4Al–7Mo–3V–3Cr
(Ti-4733) alloy, which contains almost the same primary alloying elements as the
Ti-5553 alloy, was designed through the theoretical d-electron method with the aim
of improving the alloy cold workability at room temperature [2]. This alloy was
reported to exhibit high compressive strength (∼1400 MPa) and excellent com-
pressive deformability (∼35%) in the solution treated condition.

High levels of strength can be attained in the β titanium alloys through an aging
heat treatment resulting in the precipitation of a fine secondary α phase [3]. In
addition to conventional solution treating and aging process, several heat treatment
schedules have been designed in β titanium alloys to attain specific goals. For
example, a particular processing method including Beta Annealing followed by
Slow Cooling and Aging (BASCA) was developed to maximize the fracture
toughness while maintaining a relatively high degree of strength in the conventional
Ti-5553 alloy [4]. Although the microstructure and mechanical properties of the
conventionally solution treated and aged Ti-5553 alloy have been vastly investi-
gated over the past few years [1, 2, 5], the microstructural evolution during the
BASCA process has not been studied systematically. The present work aims at
studying the microstructural evolution of the Ti-4733 alloy as a result of the
BASCA process and comparing it with the one of the conventional Ti-5553 alloy.

Experimental Procedure

The new β titanium alloy Ti–4Al–7Mo–3V–3Cr (Ti-4733) was designed based on
the commercial β titanium alloy known as Ti-5553 with the aim of controlling the
cold deformation mechanisms. The details of alloy design strategy were presented
elsewhere [6]. Ti-4733 and Ti-5553 ingots were melted twice by vacuum arc
melting process to ensure chemical homogeneity. The ingots were then forged at
1100 °C and subsequently rolled to a 20-mm thick plate at 750 °C. The chemical
composition of the alloys is given in Table 1. The β transition temperature (Tβ) of
the Ti-4733 and Ti-5553 alloys measured by metallographic method are 860 °C and
870 °C, respectively.

Table 1 Chemical
composition of the
investigated alloys (wt%)

Alloy Al Mo V Cr Ti

Ti-4733 3.9 6.8 3.0 2.9 Balance
Ti-5553 5.2 4.8 4.7 2.9 Balance
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Samples were cut from both the alloys and the BASCA process was carried out
on them. The BASCA parameters were selected according to the original process
introduced by Boeing for processing large components of airplanes aiming at
improving the part fracture toughness [7]. As seen in the scheme of the BASCA
heat treatment in Fig. 1, the samples were heated up to 900 °C and, after holding at
this temperature for 1.5 h, slowly (2 °C/min) cooled down to 607 °C. After holding
at 607 °C for 8 h, the samples were furnace cooled down to room temperature. To
investigate the microstructure evolution during the BASCA process, two specimens
were quenched in water after slow cooling down to 800 and 600 °C, respectively
(Fig. 1).

The specimens for microstructure observations were polished with 80–3000 grid
SiC paper in water, followed by chemical polishing. A modified Kroll’s reagent
(6 ml HF + 18 ml HNO3 + 76 ml H2O) was employed to reveal the microstruc-
tures. The microstructural observations were carried out on an optical Olympus
microscope and a TESCAN, MIRA3 Scanning Electron Microscope (SEM). The
area fraction of the α phase was measured using the Clemex image analysis soft-
ware. The calculation was performed based on several SEM micrographs from
different positions of each sample.

The mechanical properties were evaluated by uniaxial tensile testing of
ASTM-E8 standard specimens at room temperature. Flat tensile specimens with
gage length 25 mm, width 6 mm and thickness 3 mm were machined along the
rolling direction. Tensile tests were carried out on an Instron 8502 testing machine
at a constant cross-head speed of 2 mm/min so that the initial strain rate was
1.3 × 10−3 s−1.

Fig. 1 Scheme of the BASCA heat treatment applied in this study
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Results and Discussion

The SEM micrographs of the two alloys after BASCA process are shown in Fig. 2.
The lamellar inter and intra-granular α phases as colonies with different morpho-
logical orientations along with discontinuous grain boundary α (αGB), are observed
in the BASCA microstructures. Also, there are some fine secondary α (αs) pre-
cipitates with acicular morphology between the primary α colonies.

By comparing the microstructures of the Ti-4733 and Ti-5553 alloys in Fig. 2, it
is observed that the BASCA-treated Ti-4733 alloy tends to have more refined
microstructure with a lower volume fraction of the α phase compared with Ti-5553
alloy (Table 2). This could be a result of the higher stability of the Ti-4733 alloy.

Fig. 2 SEM micrographs of the BASCA specimens for the (a and b) Ti-4733 and (c and
d) Ti-5553 alloys

Table 2 The volume fraction
of the alpha phase in different
microstructures

Alloy Volume fraction (%) BASCA

Ti-4733 Total α 42.6 ± 1.7
Secondary α 14.1 ± 1

Ti-5553 Total α 51.9 ± 1.5
Secondary α 14.4 ± 1.1
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To investigate the microstructural evolutions during the BASCA heat treatment,
samples from different stages of this process were analyzed. Slow cooling from
solution temperature is a critical part of the BASCA process because can result in
the formation of large α laths. To observe the effect of a slow cooling rate, spec-
imens were cooled to 800 and 600 °C at a rate of 2 °C/min after annealing at
900 °C. Figure 3 shows the optical microstructure of the Ti-4733 alloy after slow
cooling to 800 °C. It can be seen that the β grain boundaries are decorated by
globular α precipitates acting as a precursor for nucleation and growth of inter-
granular α laths. These lamellar side plates form by branching out from αGB globes
as shown in Fig. 3b. No lamellar α plates nucleating directly on β/β grain bound-
aries were detected in the microstructure. In fact, the formation of lamellar α
colonies is not possible without the presence of a parent αGB. This observation is in
accordance with a previous literature work [8]. These intergranular plates grow in a
group resulting in the formation of a colony of parallel α plates. Higher magnifi-
cation in Fig. 3b shows that α laths are not always present at both sides of the grain
boundaries. Such orientation relationships between the α laths and β grains have
already been observed in the Ti-5553 alloy [7] and in some α/β titanium alloys [9].
Some intragranular plates also nucleate in the interior of the β grains and grow as a
group of parallel plates remaining stacked in a parallel mode within a given packet.

Fig. 3 Optical microstructure of the Ti-4733 alloy after slow cooling (2 °C/min) from 900 °C to
(a and b) 800 °C, c 600 °C
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At lower cooling rates, laths that nucleate early at higher temperatures coarsen
with the temperature reduction. Figure 3c shows the optical microstructure of a
sample that was slow cooled from the solutionizing temperature to 600 °C and then
water quenched. Its microstructure presents grain boundary α (αGB) and large
volumes of intergranular and intragranular α laths. Intergranular α laths are formed
in the form of many parallel plates growing towards the grain interior. They have
short length and don’t form the large colonies observed in common α/β titanium
alloys. Intragranular α phases are also observed within the β matrix as plates
growing in three preferred orientations. Furthermore, as seen in Fig. 3c, there are
some regions within the β grains where no α precipitates are detected, pointing out
that the equilibrium volume fraction of α has not yet been achieved by cooling
down to 600 °C. Therefore, further aging at this temperature (around 600 °C) can
lead to the α precipitation over the entire β matrix. It is important to note that,
because of the slow diffusion at low temperatures, the nucleation of secondary α
precipitates can only occur with long aging treatments at low temperatures such as
600 °C.

Based on the observations, the sequence of microstructural evolution during the
BASCA process can be summarized as follows:

(1) The globular αGB precipitates form at the grain boundaries with starting the
slow cooling from the solution temperature.

(2) The intergranular α colonies initially nucleate on the αGB grow inside the grains
with a lamellar morphology.

(3) The intragranular α colonies nucleate and grow inside the grains with lamellar
morphology.

(4) At the end of the cooling stage, there would be some precipitate free zones
inside the grains. With aging at 607 °C for a long time, the αs precipitates with
acicular morphology form in these zones.

According to Fig. 4, in comparison to the conventional solution treatment and
aging (STA), the BASCA specimens exhibit higher elongation. This can be
attributed to the coarse α-laths (Fig. 3c) resulting from the slow cooling employed
in the BASCA process. According to Table 2 it can be seen that a considerable
amount of the α phase in the BASCA samples is related to the lamellar α formed
during the slow cooling. Although these coarse lamellar α phases can enhance the
elongation of the BASCA specimens compared with the STA specimens, but they
have a relatively poor hardening effect leading to lower strength levels. Despite the
presence of coarse α-laths, the BASCA specimens show a tensile strength higher
than 1100 MPa arising from the formation of secondary acicular α phases during
the subsequent aging. In fact, the lamellar α phase determines the elongation of the
BASCA specimens while the acicular α phase determines their strength. As shown
in Fig. 4, the elongation of the Ti-5553 alloy in the BASCA condition is higher
than that of the Ti-4733 that arises from its larger lamellar α phase and higher
volume fraction of the lamellar α. However, with almost same volume fraction of
the αs precipitates, the strength of the Ti-5553 alloy is lower than that of the
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Ti-4733 because of its larger acicular αs phase. However, it should be noted that
these microstructural features are strongly dependent on the BASCA process
parameters. In this study, we used the standard parameters of the Ti-5553 BASCA
processing for both the alloys. Therefore, thanks to the optimization of the process
parameters for the Ti-4733 alloy we may achieve even better mechanical properties.

In addition, it can be concluded that the Ti-4733 alloy exhibits a better com-
bination of mechanical properties compared with those of the Ti-5553. Meanwhile,
the Ti-4733 alloy shows an enhanced cold deformability at room temperature in the
single-phase solution treated condition [2]. This indicates that Ti-4733 can be used
in applications including not only bulk structures but also plate or sheet products
thanks to the achieved strength and ductility.

Figure 5 shows the fracture surface of the BASCA samples after the tensile test.
As can be seen, both the alloys exhibit a combination of ductile fracture with deep
dimples and transgranular brittle fracture with some cracks (shown with arrows in
Fig. 5b). It has been reported [10] that in the lamellar microstructures the cracks are
much more liable to initiate at and propagate from the tips of thin microstructures
that are the stress concentration regions. The high undulation depth on the fracture
surface of the BASCA samples (Fig. 5), indicates the large deflection of crack path.
In fact, the higher elongation of the BASCA samples compared with the STA
samples arises from the presence of large lamellar α colonies. In general, the size of
the lamellar α colonies, thickness of the α lamellae and size of the grain boundary α
phase determine the alloy fracture behavior. In the Ti-5553 alloy, the lower stability
of the β phase results in the growing of the α colonies, α lamellae and grain
boundary α phase.

It is well known that the Ti-5553 alloy exhibits a higher fracture toughness when
processed under BASCA conditions in compared to other processing routes, such as
the conventional STA [4]. Although the fracture toughness of the samples was not
measured in this study, some microstructural features can be useful to qualitatively
describe the higher fracture toughness of the BASCA processed samples. It was
showed that when the energy needed for the α lamellar fracture is higher than that
needed for crossing colonies, the crack changes directions causing crack branching,

Fig. 4 Tensile properties of the Ti-4733 and Ti-5553 alloys including a yield strength (YS) and
ultimate tensile strength (UTS), b elongation to failure (EL) and reduction of area (RA) after
BASCA heat treatment
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zigzagging and secondary crack creation [11, 12]. This process requires additional
energy and can result in increased fracture toughness in the material [10].

The plastic zone of the crack tip is another factor in controlling the fracture
behavior. The bigger the size of the plastic zone the higher the fracture toughness.
According to Fan et al. [10] larger acicular α precipitates increase the plastic zone at
the crack tip. They showed that the nucleation of dislocations from the crack tip
across the smaller α phase leads to strain localization. Thus, it would significantly
reduce the size of the plastic zone of the crack tip. The fact that the average size of
the secondary α precipitates in the BASCA microstructure is much larger than that
of the STA microstructures, can be another reason for the higher fracture toughness
of the BASCA processed samples.

Generally, the αGB has a critical importance due to its effect on the ductility [13–
15]. Two aspects of αGB can affect the fracture behavior of materials, namely its
width and continuity [16]. As mentioned before (Fig. 2), there is a significant
amount of αGB phase in the microstructure of the BASCA samples. However, this
αGB phase exhibits a zigzag and discontinuous morphology as can be observed in
Fig. 2. The discontinuity of the αGB arises from the slow cooling during the
BASCA process. In fact, during the slow cooling large and isolated globular αGB
particles form (Fig. 3b) and, subsequently, lead to a discontinuous grain boundary α
phase. The propagation of crack will be more difficult through a discontinuous α

(a) (b)

(c) (d)

Fig. 5 Fracture surface of the (a and b) Ti-4733 and (c and d) Ti-5553 alloys in the BASCA
condition
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layer compared to continuous α layer. Therefore, despite the presence of large
amount of αGB, it doesn’t reduce the ductility significantly due to its discontinuous
morphology. In addition, the three different and specific morphological aspects of
large lamellar α colonies, larger acicular αs precipitates and discontinuous αGB are
the main reasons of the higher fracture toughness in the BASCA microstructures.

Conclusions

In the present study, the microstructural evolution during the BASCA process and
its effect on the tensile properties of Ti-4733 were investigated and compared with
the ones of the commercial Ti-5553 alloy. The main results can be summarized as
follows:

(1) Although both the Ti-4733 and Ti-5553 alloys exhibit similar microstructures
after the heat treatment, Ti-4733 revealed more refined microstructures than
Ti-5553 resulting in enhanced strength.

(2) The BASCA heat treatment results in a microstructure with combination of αGB
and lamellar α phase colonies formed during the slow cooling and fine acicular
αs precipitates formed during the subsequent aging.

(3) The fracture mode in BASCA specimens was found to be a combination of
ductile and transgranular brittle fracture.
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A Review of the Preparation Methods
of WC Powders

Yijie Wu, Jie Dang, Zepeng Lv, Shengfu Zhang, Xuewei Lv
and Chenguang Bai

Abstract Tungsten carbides, which can be widely used for cutting and drilling
tools, chemical catalyst and aerospace coatings, have attracted widespread atten-
tions. However, the cost of conventional processes to produce tungsten carbides can
be very high, therefore, there is a permanent effort to synthesize WC powder at low
temperature to minimize the production cost. Some novel processing techniques
have been developed to partially solve this problem. This paper reviewed the
current research trends in preparation of WC containing spark plasma sintering,
combustion synthesis, sol-gel and in situ carburization method, chemical vapor
reaction synthesis and the spray conversion process, etc. The present review also
discussed the potential applications, the feasibility, the advantages and disadvan-
tages of industrialization.

Keywords Tungsten carbide ⋅ Preparation ⋅ Spray conversion
Combustion synthesis ⋅ Catalyst

Introduction

Tungsten carbides, which belong to the group of cemented carbides and refractory
carbides have the advantages of high melting point (2600–2850 °C), high hardness,
low friction coefficients, high Young’s modulus of elasticity, high thermal stability
and low thermal expansion coefficient [1]. These properties make tungsten carbide
appropriate for various engineering applications such as manufacturing of cutting
tools, rock drill tips, tools and dies and general wear parts [2–8]. In addition to such
extensive structural applications, WC has been used as the Pt electro-catalyst
support for various processes such as the methanol oxidation [9], oxygen reduction
reaction [10], hydrogen evolution reactions [11], ethanol electro-oxidation [12], and
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NH3 synthesis, and also used as catalytic electrode for anodic oxidation of
hydrogen in fuel cells [13]. WC erosion resistant coatings for aerospace compo-
nents are another novel application [14].

Tungsten carbide was first synthesized by H. Moissan in 1893. The industrial
production of hard metals based on WC started 20–25 years after the discovery of
tungsten carbide. WC in electro-catalysis has been intensively studied since 1970s.
Levy and Boudart [15] reported that tungsten carbide revealed Pt-like catalytic
activity in several catalytic reactions. This catalytic behavior, which is typical
behavior of platinum, was not exhibited at all by tungsten. The surface electronic
properties of the tungsten are therefore modified by carbon in such a way that they
are resemble to those of platinum. Subsequent investigation demonstrated that
Pt-like property is due to the change in the electron distribution in tungsten by
addition of carbon [16]. Besides, Transition-metal carbides (for instance, WC) are a
potential substitute for Pt because of their low cost, high catalytic activity, selec-
tivity, and good thermal stability under rigorous conditions [17].

In this study, the latest developed preparation methods of tungsten carbide are
reviewed. The potential applications, the feasibility, the advantages and disadvan-
tages of industrialization are discussed as well.

Preparation of Tungsten Carbide

The preparation methods can be divided into two-step method and one-step method.

Two-Step Method

As presented in Fig. 1, the first step is to reduce the tungsten containing precursor
to tungsten powder, and then to carburize with the carbonized material.

Traditional method is to direct carburize tungsten powder: the W powder is
mixed with about 6.3 wt% of carbon black by ball-milling for an extended time, and
then carbonized at 1400–1600 °C in a flowing hydrogen atmosphere for 2–10 h
[18]. Because the high pure and fine W powder must be produced in the first step,
the cost can be very high. Furthermore, the process is cumbersome, ball-milling
time consuming and powder produced by this method is not suitable for advanced
applications [19]. Because the tungsten powder and carbon black is inadequate
contact, the reaction rate is slow. It is switched to tungsten precursor with a highly
active as raw material, and carburization with carbon-containing gases, such as
CH4, C2H6, C3H8, and aromatic compounds [8, 20, 21]. These methods can make
the high active tungsten solid fully contact reductant and the carbonization tem-
perature can be reduced. Although the technology is commercialized on a large
scale, this process may result in deposition of undesirable amounts of free carbon,
and the formation di-tungsten carbide (W2C), along with the synthesis of WC.
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In addition, the starting material is again very pure, fine W powder and altogether
non-economical. The methods and conditions for the preparation of ultrafine par-
ticles WC by two-step processing are shown in Table 1. High-energy mechanical
ball milling is the straightforward method for producing nano-sized WC powder.
Although milling techniques can be used to produce powders as fine as 10–20 nm,
the long duration of processing, contamination, and high-energy expenditure are
problems to be solved [22–24]. The spray conversion process is another significant
method for synthesis of nano-sized WC powder [25, 26]. Fully dense WC (100%)
with a grain size of about 300 nm could be made by sintering at 1750 °C. However,
because of the presence of an oxide surface layer, the product contained small
amounts of W2C [27].

Table 1 The methods and conditions for the preparation of ultrafine particles WC by two-step
processing

Preparation
method

Tungsten
precursor

Reductant Reduction
temperature (°C)

Carbonization
temperature (°C)

Carbon
source

Particle
size (μm)

Traditional
method [18]

W Carbon black/H2 1400–
1600

1–10

W oxide
method [8]

WO3 H2/N2 1400–1200 Carbon black/CH4 1000–
1600

<0.5

Ball milling
method [24]

W Carbon black 0.0072

Halide method
[28]

WCl6 H2 1400 Ultrafine

Plasma method
[28]

WCl4 H2/CH4 Plasma 0.1

Fig. 1 Two-step method
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One-Step Method

The one-step method is to synthesize WC by using tungsten containing precursor
and carbon-containing gas to direct reduction and carburization tungsten carbide.
The tungsten-containing precursors were tungsten trioxide [19], tungsten hex-
achloride [29], tungstenic acid and organic compound [30], Blue tungsten [31],
ammonium paratungstate [31]. This process can not only shorten the process but
also improve the preparation efficiency of tungsten carbide powder, with a good
uniformity and smaller particle size.

(1) Temperature-programmed reduction method (solid-gas reaction)

Since tungsten carbide usually has low porosity, the specific surface area is
lower than 10 m2/g. Therefore, many researchers focus on the new synthesis route
to obtain higher surface area. Based on the form of carbon resource, the synthesis
route can be divided into: solid-liquid reaction, solid-gas reaction, and solid-solid
reaction method. In general, tungsten carbide is synthesized by the solid-gas
reaction (temperature-programmed reduction) method which uses the reaction
between the tungsten oxide (WO2 or WO3) and the mixture gas of hydrogen and
carbon-containing gases, such as CH4, C2H6, C3H8, C4H10 and aromatic com-
pounds [8, 29, 32, 33]. However, Temperature-programmed reduction also has
some evident shortages. For example, the products are covered by polymeric carbon
resulted from the pyrolysis of excessive carbon-containing gases, and this coke can
reduce the surface area and block the catalytically active sites. Moreover, the
reaction gas is flammable, and the reaction employs a large amount of flammable
gas at high temperature which is very dangerous [34]. Therefore, researchers try to
develop new methods to synthesize tungsten carbide under low temperature con-
dition to synthesis high surface area tungsten carbide. Recently, WC was synthe-
sized by a temperature-programmed carburization approach with phosphotungstic
acid (PTA) as a precursor and mesoporous silica materials as hard templates, In this
method, the WC powder has higher porosity and surface area (BET > 100 m2/g)
but removal of the template generally requires washing with highly corrosive agents
such as hydrofluoric acid [35]. Ma et al. [36] successfully synthesized WC with
controllable mesoporous structure by hydrothermal synthesis and gas-solid reac-
tion. This mesoporous WC with low carbon content has high surface area
(20.4 m2 g−1), large pore volume (0.074 cm3 g−1), and large pore-size distribution
(centered at about 22 nm). Volatile components enable formation of mesoporous
structure and the hydrothermal temperature and ammonium carbonate concentration
can control mesopore size. Additionally, the carburization process can be completed
at 800 °C for 2 h, the synthesis process is shown in Fig. 2. Cui et al. [37] present a
modified replication method to synthesize mesoporous WC with high surface area
of 138 m2 g−1 at a relatively low temperature. The mesoporous WC showed high
and stable catalytic activity. In this route PW12 as the W source was sealed in the
pore channels by compaction under an external pressure to prevent the volatiliza-
tion of W source during the following reactions with carbon source at a certain
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temperature, and WC particles can form only in pore channels which act as a closed
micro-reactor.

(2) Solid-liquid reaction method

Some researchers have found liquid carbon source can also be employed for the
synthesis of tungsten carbide. Giordano et al. [38] and Giordano and Antonietti [39]
firstly prepared tungsten carbide by using urea as carbon-source. This specific
technique exploits a joint glass of metal orthoesters with urea as a starting reagent,
while the output of the reaction could be safely adjusted by the relative composition
of the glass. The particles are made as very fine particles with high specific surface
area and the BET surface area is about 84 m2/g [38].

(3) Solid-solid reaction method

The large majority of the industrial productions of WC depends on the car-
bothermal reduction reaction [40, 41]. The current sources of carbon in these
methods are non-renewable and include carbon black, coke, asphalt and graphite.
These are usually extracted from oil, mined, and their obtainment demands a sig-
nificant amount of energy [42–45]. WC with higher porosity and surface area
(BET > 100 m2/g) can be synthesized by using the template method [35]. How-
ever, removal of the template generally requires washing with highly corrosive
agents such as hydrofluoric acid [35]. This leads to an increase in processing costs
due to the need for highly selective sacrificial materials and the precautions that
must be taken when working with hazardous reagents [46]. Wang et al. [47] pro-
posed a simple approach to fabricate tungsten carbide by using chitosan (a green
and renewable biopolymer) as a carbon source. Islam and Martinez-Duarte [46]
presented the use of renewable carrageenan (derived from algae) and chitin (derived
from disposed shrimp shells) to replace petroleumbased carbon precursors in the
synthesis of WC. They mixed these biopolymers with tungsten oxide nanoparticles

Fig. 2 Schematic illustration of the growth mechanism of mesoporous WC with CO/H2 mixture
as carburization agents: a preparation of the precursor solution; b crystallization of the precursor
crystal; c decomposition of volatile components; and d carburization [36]
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to derive a gel-like paste that will serve as carbide precursor. Porous WC was
synthesized by heat-treating a biopolymer-tungsten oxide composite (PCP) at
1300 °C for 3 h. The BET surface area was measured as 67.03 m2/g. The d-spacing
was 0.25 nm and is attributed to the t(100) plane of hexagonal WC. The grain size
of WC increases from 17.5 nm at 960 °C to 43.3 nm at 1450 °C. In contrast, there
is almost no change in grain size with the increase in the dwell time.

Other Methods

Besides those methods, combustion synthesis [22], or self propagating high tem-
perature synthesis (SHS), has also been applied for the synthesis of tungsten car-
bide. Combustion synthesis, is another attractive technology in carbide fabrication
because of its energy efficiency [48]. Won et al. [22] prepared nano-size tungsten
carbide powder with a WO3+M+C+Carbonate system by using alkali halides.
X-ray diffraction data and W particle analysis showed that the final product syn-
thesized from a WO3-Mg-C-(NH4)2CO3-NaF system contains pure-phase tungsten
carbide with a particle size of 50–100 nm. A small amount of ammonium carbonate
activated the carburization of tungsten carbide by the gas phase carbon trans-
portation. Lower synthesis temperature implies lower energy required in the pro-
cess. Together with the choice of precursors, this makes the process more energy
efficient than the traditional methods.

Conclusions

As reviewed above, the present study has focused on the recent research results
regarding the processing and characterization of WC powders. The current prepa-
ration methods can be divided into two categories, namely two-step method and
one-step method. It is obvious that the different preparation routes, tungsten pre-
cursors and carbon source can influence the physicochemical properties of tungsten
carbides, especially the surface area. By comparing these methods, it is found that
one-step method can shorten the process time, improve the preparation efficiency.
WC powders prepared by one-step method have high purity and high surface area
as well. However, more work is needed to be done in order to reduce the production
cost and improve the quality of tungsten carbides. The research trend is to produce
tungsten carbides by using the biopolymers as the carbon sources. The potential
applications, the feasibility, the advantages and disadvantages of industrialization
for these methods were also discussed in this study.
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Influence of Hot Rolling on Mechanical
Behavior and Strengthening Mechanism
in Boron Carbide Reinforced Aluminum
Matrix Composites

Hao Guo, JianNeng Zhang, Yang Zhang, Ye Cui, Dan Chen,
Yu Zhao, SongSong Xu, NaiMeng Liu and ZhongWu Zhang

Abstract Boron carbide reinforced aluminum matrix composites are widely used
as neutron absorption materials. Here we report that mechanical alloying has been
successfully employed to synthesize metal matrix composite powders with Al as the
matrix and B4C, Al4Gd and Al4Sm as the reinforcement. The effects of hot rolling
on the morphology, mechanical properties as well as the strengthening mechanisms
are investigated. Hot rolling results in improving particle distribution and less
agglomeration, improving the bonding between particles and matrix and decreasing
voids. Thermomechanical processing can increase the density and remove the
defects. As increasing rolling deformation to 50%, both YS and UTS of composites
are enhanced significantly, showing 25.8 and 27.0% improvement in comparison
with composites after sintered, but the elongation changes little. The increase in the
yield strength after hot rolling can be attributed to two primary strengthening
mechanisms in this work: The coefficient of thermal expansion (CTE) mismatch
between B4C, Al4Gd and Al4Sm reinforced particles and Al matrix and the exis-
tence of load transfer from Al matrix to the hard reinforced particles.

Keywords Boron carbide ⋅ Aluminum matrix composites ⋅ Mechanical
properties ⋅ Strengthening mechanism

Introduction

The development of strong and lightweight aluminum matrix composites have
attracted strong interest in these material systems of the aerospace application,
military industries and automotive industries, and energy applications [1–6] by
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virtue of their favorable properties. Aluminum matrix composites can be produced
by powder metallurgy with various reinforced particulates like oxides, carbides and
borides [4–11]. B4C is one of the most widely used ceramic reinforcements for
aluminum matrix composites. Boron carbide (B4C) is an attractive reinforcement
material due to its excellent properties of high hardness, low density, and good
interfacial cohesion with aluminum [12, 13]. Boron carbide ceramics also have
excellent chemical resistance and high capability for neutron absorption. It has been
used in many industrial fields, such as military, engineering and nuclear energy.

The influence of adding B4C reinforced particles on the mechanical behavior of
aluminum matrix composites has been widely studied in the literature [14–16]. The
related strengthening in boron carbide reinforced aluminum matrix composites is
usually complex due to multiple potential mechanisms, all the mechanisms are
associated with the microstructure of composites, which varies greatly with the
dispersion and consolidation processes in different studies [17, 18].

In this study, the effects of hot rolling on the morphology, mechanical properties
as well as the strengthening mechanisms are investigated. XRD was used analysis
the existence of phases, optical microscope (OM) were reveal the microstructure,
and scanning electron microscope (SEM) showed the size distribution, morphology
of powders and the appearance of fracture.

Experimental

High purity (99.9%) Al powders, 92.5% pure boron carbide particles and Al-Gd,
Al-Sm powders were prepared as starting materials. And the average particle size of
Al powders was about 10 μm, the average particle size of boron carbide particles
was about 10 μm. Aluminum powders were mixed with reinforced particles and
1 wt% stearic acid, then ball milled to produce Al-30%B4C-1%Gd-1%Sm com-
posites with 30 wt% of boron carbide, 1 wt% Gd and 1 wt% Sm content using a high
energy ball milling machine named QM-3SP2. In this work, we used two zirconia
vials containing Al2O3 balls. The powders were sealed in a zirconia jar together
with 600 g Al2O3 media balls (6 mm in diameter). Ball milling parameter: the
rotation speed was 300 rpm/min and milling time was 8 h, and ball to powder
weight ratio was 5:1. To minimize cold welding of Al powders, we used 1 wt% of
stearic acid as a process control agent.

Then Milled powders were consolidated into bulk composites with homoge-
neously distributed B4C. Milled powders were put into a steel die for hot pressed
and sintered. Subsequently milled powders was heated to 570 °C for 2 h and
pressed at 20 MPa. The whole process is under high vacuum environment reached
3 × 10−2 Pa. The hot pressed samples were then prepared for hot rolling.
The samples were heated at 450 °C for 30 min and then hot-rolled with a thick-
ness reduction of 25% and 50%. Between passes samples were returned to heat to
450 °C for 30 min.
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The phase components were analyzed by X-ray diffraction (XRD) with Cu Kα
radiation on Rigaku D/max-TTR-III diffractometer with a Cu Target K alpha ray,
40 kV, 150 mA. Optical microscopy (OM) was used to characterize the
microstructure. The distribution of the B4C in the Al matrix, as well as the B4C
powder morphology, tensile fracture morphologies was studied using a scanning
electron microscope (SEM). The tensile tests were conducted at room temperature
with a strain rate of 1 × 10−3/s on INSTRON 5565. For each composite, three
specimens were tested. The yield strength was used the 0.2% off set plastic strain
method.

Results and Discussion

Figure 1 shows the SEM micrographs of the mixture of Al-30%B4C-1%Gd-1%Sm
powders after 8 h milling. In the powder mixtures, the B4C particles were randomly
dispersed. In high energy ball milling processes, it can be seen that particles appear
spherical after milled for 8 h, severe plastic deformation happened to Al powder
particles, accompanied with reinforced particles damage. And Al particles seem
plate like and fragmentary, most particles became smaller, but there still were
limited change happened to several big particles.

Microstructure

Figures 2, 3 and 4 shows the microstructures of the Al-30%B4C-1%Gd-1%Sm
composites samples. Figure 2 shows the sintered samples were highly consolidated
and no macropore was observed: (a) as sintered at low magnifications, (b) as sin-
tered at high magnifications. Figure 3 shows the 25% hot-rolled samples: (a) 25%

Fig. 1 SEM micrographs of a mixture of Al-30%B4C-1%Gd-1%Sm powders, milled for 8 h: a at
low magnifications, b at high magnifications
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Fig. 2 Microstructures of the samples as sintered: a at low magnifications, b at high
magnifications

Fig. 3 Microstructures of the samples 25% hot-rolled: a at low magnifications, b at high
magnifications

Fig. 4 Microstructures of the samples 50% hot-rolled: a at low magnifications, b at high
magnifications
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hot-rolled at low magnifications, (b) 25% hot-rolled at high magnifications. Fig-
ure 4 shows the 50% hot-rolled samples: (a) 50% hot-rolled at low magnifications,
(b) 50% hot-rolled at high magnifications. From the microstructures, hot rolling
results in improving particle distribution and less agglomeration, improving the
bonding between particles and matrix and decreasing voids. And the density of the
composites can reach 96.6% after sintering. Thermomechanical processing can
increase the density further to 98.3% and remove the defects.

Figure 5 shows the XRD patterns of Al-30%B4C-1%Gd-1%Sm composites
samples after sintered. It can be seen that Al peaks and B4C peaks can be detected
easily. The intensities of the Al peaks and B4C peaks are all clear, and it’s obviously
to be seen that the intensities of the Al peaks are stronger than B4C peaks, it means
that the content of Al much more than the content of B4C. Meanwhile many small
peaks were also observed. It confirmed that there was indeed Al4Gd and Al4Sm
existed in the composites.

Mechanical Properties

The engineering tensile stress-strain curves of Al-30%B4C-1%Gd-1%Sm composites
with different conditions: after sintered, 25% hot-rolled and 50% hot-rolled are shown
in Fig. 6. The average 0.2% offset yield strength (YS) of Al-30%B4C-1%Gd-1%Sm
composites after sintered, 25% hot-rolled and 50% hot-rolled were measured to be
221 MPa, 268 MPa and 278 MPa, respectively. The ultimate tensile strength
(UTS) of Al-30%B4C-1%Gd-1%Sm composites after sintered, 25% hot-rolled and
50% hot-rolled are respectively 278 MPa, 320 MPa and 353 MPa. The elongation of
Al-30%B4C-1%Gd-1%Sm composites after sintered, 25% hot-rolled and 50%
hot-rolled are 1.24%, 1.27% and 1.00%, respectively. It is obviously that, as increasing

Fig. 5 XRD patterns of
Al-30%B4C-1%Gd-1%Sm
composites after sintered
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rolling deformation to 50%, both YS and UTS of composites are enhanced signifi-
cantly, showing 25.8 and 27.0% improvement in comparison with composites after
sintered, but the elongation changes little. It is known that rolling can enhance Al
matrix strength but sacrifice ductility. Meanwhile, except for Al matrix strength, the
composite strength is also related to reinforcing effect of B4C, Al4Gd and Al4Sm
reinforced particles. Thermomechanical processing can also remove the defects. All
composites exhibited high mechanical properties. This is mainly attributed to fine
grain, uniform B4C, Al4Gd and Al4Sm reinforced particles distribution, and good
interfacial bonding between B4C and Al matrix.

Strengthening by Hot Rolling in Al/B4C Composites

For a successful development of B4C reinforced aluminum matrix composites, it is
necessary to understand the relevant strengthening mechanisms of these compos-
ites. There are several modeling methods available for predicting the strength of
B4C reinforced Al composites. In general, the increase in the yield strength of B4C
reinforced Al composites can be attributed to four strengthening mechanism [19]:
(1) the coefficient of thermal expansion (CTE) mismatch between B4C, Al4Gd and
Al4Sm reinforced particles and Al matrix; (2) The existence of load transfer from Al
matrix to the hard reinforcements B4C, Al4Gd and Al4Sm particles in B4C rein-
forced Al composites; (3) Orowan strengthening mechanism exists in the B4C
reinforced Al composites; (4) Hall-Petch strengthening mechanism exists in the
composites. In this work, Orowan strengthening mechanism and Hall-Petch
strengthening mechanism resulting in only a minor strength change between dif-
ferent rolling conditions.

The coefficient of thermal expansion (CTE) mismatch between B4C, Al4Gd
and Al4Sm reinforced particles and Al matrix can play an important role in

Fig. 6 Tensile properties of
the investigated Al-30%
B4C-1%Gd-1%Sm
composites
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strengthening. Hot rolling leads to the dislocation density increase around the
reinforced particles because of the different coefficient of thermal expansion between
reinforced particles and Al matrix. CTE mismatch strengthening can be calculated
by [14]:

ΔσC = αGb

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

12fΔCΔT
bd

r

 !

ð1Þ

where α is a constant that is equal to 1.25, G is shear modulus of the pure Al matrix
(26.4 GPa), ΔC is the CTE mismatch between the B4C particle and the Al matrix
[16], ΔT is the maximum temperature change during thermomechanical processing,
the value ΔT = 425 K was calculated, f is the volume fraction of reinforcement
particles, b = 0.286 is the magnitude of the Burgers vector, d is the average
reinforcement particle diameter. According to the calculation, the ΔσC caused by
hot rolling under different rolling conditions: after sintered, 25% hot-rolled and 50%
hot-rolled are 0 MPa, 39.1 MPa and 39.1 MPa, respectively.

According to the load transfer model in metal matrix composites developed by
Kelly and Tyson [17], the load transfer from matrix to the hard reinforcements B4C
particles under an applied external load such as hot pressed process, hot rolling
process contributes to the strengthening of the Al matrix. B4C particles are loaded
by the plastically flowed matrix via an interfacial shear stress generated along the
B4C particles surface under tension. If the size of the boron carbide particulate
parallel to the load direction l is smaller than a critical length (lc) given by
lc = d ⋅ σR ̸σm [17, 20], where d and σR are respectively the size of the boron carbide
particulate perpendicular to the load direction and strength of reinforced particles,
and σm is the strength of Al matrix, reinforced particles will be pulled out.
Otherwise, B4C, Al4Gd and Al4Sm reinforced particles will fail by breakage. Since
the equiaxed boron carbide particulates and the strength of reinforced particles σm is
higher than strength of Al matrix, reinforced particles are predicted to fail in the
pull-out mode, which agrees well with the Fig. 7. On the fracture surface of the

Fig. 7 Tensile fracture
morphologies of the samples
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composites, pulled-out B4C particles are observed, suggesting that the load transfer
mechanism gives much contribution.

Under the pull-out mode, for the equiaxed boron carbide particulates, a general
equation for the load transfer contribution of B4C, Al4Gd and Al4Sm reinforced
particles is given in the following expression [21, 22]:

ΔσLT =
1
2
vpσm ð2Þ

where vp is the volume fraction of reinforced particles in the Al matrix. The σm of
Al matrix is different under different rolling conditions. According to the calcula-
tion, the ΔσLT for composites after sintered, 25% hot-rolled and 50% hot-rolled are
12.9 MPa, 16.6 MPa and 17.8 MPa, respectively.

By the above analysis, difference value between the yield strength of theoretic
and experiment values is slight. There is a yield strength difference of 47 MPa
between the composites after sintered and 25% hot-rolled, and a yield strength
difference of 57 MPa between the composites after sintered and 50% hot-rolled in
experiment values. The theoretic values of the yield strength difference are
42.8 MPa and 44.0 MPa, respectively.

SEM Analysis of Tensile Fracture

Figure 7 shows the fracture surface morphology of the Al-30%B4C-1%Gd-1%Sm
composites sample after tensile tests. It can be seen by SEM images that the fracture
morphology is including both shallow dimples and brittle fractures. But the dimples
are small and shallow. On the fracture surface of the composites, B4C particles
pull-out phenomenon can be detected, suggesting that the load transfer mechanism
gives much contribution. However, the observed B4C particles clusters on the
fracture surface acted as crack initiation sites, the interfacial bonding strength
between particle and matrix is weak. So the interfacial debonding is the primary
cause of Al-30%B4C-1%Gd-1%Sm composites sample is the cleavage fracture of
particle.

Conclusions

In this study, synthesis and characterization of Al-30%B4C-1%Gd-1%Sm com-
posites by mechanical alloying was investigated. The present work has revealed
that: In the powder mixtures, the B4C particles were randomly dispersed, severe
plastic deformation happened to Al powder particles, accompanied with reinforced
particles damage. Hot rolling results in improving particle distribution and less
agglomeration, improving the bonding between particles and matrix and decreasing
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voids. Thermomechanical processing can increase the density and remove the
defects.

As increasing rolling deformation to 50%, both YS and UTS of composites are
enhanced significantly, showing 25.8 and 27.0% improvement in comparison with
composites after sintered, but the elongation changes little. The increase in the yield
strength of B4C reinforced Al composites after hot rolling can be attributed to two
primary strengthening mechanisms in this work: The coefficient of thermal
expansion (CTE) mismatch between B4C, Al4Gd and Al4Sm reinforced particles
and Al matrix and the existence of load transfer from Al matrix to the hard rein-
forced particles.
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Preparation of Titanium Foams
with Uniform and Fine Pore
Characteristics Through Powder
Metallurgy Route Using Urea Particles
as Space Holder

Qiu Guibao, Lu Tengfei, Wang Jian and Bai Chenguang

Abstract Titanium powder particles were used as the matrix and powdery urea
particles as the space holder to fabricate porous titanium by powder metallurgy
technology. And titanium foams with porosity of 42.7–56.2% were prepared suc-
cessfully. The uniform distribution of the tiny urea particles in the matrix made the
titanium foams have homogeneous and connected pore structure. Pore morphology
and compressive behavior of the resulting foam have been studied. The pore
structure is composed of large pores and small pores distributed on the hole wall,
and these small pores are mostly interconnected. Porous regions contained some
micro-pores increasing the connectivity of pores. The mechanical behavior was
investigated by compressive test, the foams delineated a relatively stable plateau
region and the yield strength and Young’s modulus vary in the range of 93.85–
276.52 Mpa and 1.53–3.21 GPa respectively. The results manifested that the pro-
cessed foams is an ideal medical implant, impact energy absorbing and filterability
material.

Keywords Porous Ti ⋅ Pore structure ⋅ Mechanical property
Porosity

Introduction

Metallic foams find a variety of applications in the field of lightweight structural
materials, impact energy absorbers, filters and biomedical implants due to their
excellent physical and mechanical Properties [1]. In recent years, titanium foams
have drawn considerable attention due to its high specific strength and stiffness,
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good biocompatibility and excellent corrosion resistance [2], which enhance the
potential for the use of Ti in industrial applications. High melting point and
excellent corrosion resistance of titanium also make it suitable for high temperature
applications such as high temperature heat exchangers [3]. Open cellular titanium
foams are also being utilized in bone implants due to their excellent mechanical
properties and biocompatibility. The closed cell titanium foams possess higher
modulus, strength and good compression performance is a kind of potential
structural application materials in the aerospace and naval industries [4]. At the
same time, It should be mentioned that titanium foams are difficult to fabricate
through liquid metallurgy technology due to the high melting point (1667 °C) and
chemical reactivity of the element with atmospheric gases such as oxygen, nitrogen
etc. [3]. Therefore, powder metallurgy and pore forming agent technology [5] have
been widely used in the preparation of titanium foams in various ways. Amongst
them, sintering of powder preformed with a gas blowing agent or solid space
holders is most commonly used [6]. The pore forming agent is a temporary filling
material which can be removed in the process of preparing titanium foam.
Accordingly, the porosity of the foam can be adjusted by changing the amount of
pore forming agent, meanwhile the porous titanium with different pore structure can
be prepared by selecting different Shapes and dimensions of solid space holders. In
the process of preparing titanium foam, various space holders like polymeric
materials [7], urea [8], magnesium [9], ammonium hydrogen carbonate [10], sac-
charose [11], starch [12] have been utilized. Because of its simple operation, good
controllability and low cost pore forming agent technology has became an
important method for the preparation of titanium foam.

In view of the above, porous titanium was prepared successfully using powdery
urea as the solid state space holder in the present work. The pore morphology and
compression behavior of the foam have been investigated.

Experimental Procedure

Titanium metal powder (average particle size ∼45 μm, 99.5% pure) supplied by
Beijing Xing Rong Yuan Technology Co., Ltd., China and urea particles
(size: ∼165 μm, 99.5% pure) supplied by Chengdu Ke Long Chemical Co., Ltd.
were used as the starting materials, the raw materials’ Titanium powder was
irregular in shape while urea were generally Powdery particles, and the
microstructure of urea particles and Ti-powder is shown in Fig. 1a and b (Some of
the darker areas of urea are shown to be caused by poor electrical conductivity of
urea). In the present study, in order to obtain foam titanium with interconnected
structure, the volume fraction of urea was increased from 55 to 70% in this
experiment. Titanium powder and urea particles were mixed uniformly in a mortar
for 30 min. Moreover, a little zinc stearate (about 0.5 g) was used to improve the
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fluency and lubrication property between the mixing particles and cylindrical die to
reduce the friction in the pressing process. Then, the particle mixed was cold
compacted in a 16 mm diameter cylindrical die at an applied pressure of 150 MPa
for 1 min in order to ensure effective and uniform pressing. And the last step is
heating process, the compacted samples were heated up to 450 °C firstly at a
constant heating rate of 13 °C/min and held at that point for 60 min with a view to
realize the complete removal of urea, and secondly sintered at the temperature of
1200 °C for 1.5 h (The parameters, i.e. the temperature, duration and rate of heating
for the urea removal and high sintering treatments, were selected based on previous
studies). As described earlier, the level of vacuum in the furnace must be kept at
10−3 mbar when removing urea and sintering because of high chemical reactivity of
titanium in this experiment. Finally, the samples were taken out from the furnace
after which has been cooled to ambient temperature.

The pore structure of Ti samples was determined by scanning electron micro-
scope (SEM) and porosity calculated according to the following equation [13, 14].

P=1−
ρ*

ρs
ð1Þ

where ρ* represents the density of porous Ti, which can be measured by dividing
the whole weight to the whole volume of the sample; ρs denotes the density of the
solid Ti (ρs = 4.503 g/cm3). Meanwhile, the compressive strength was measured
by material testing machine at a strain rate of 0.01/s. An average of three obser-
vations has been reported in this case.

Fig. 1 SEM micrograph showing (a) urea particles and (b) Ti powder
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Results and Discussion

Macroscopic Morphology and Composition Analysis
of Titanium Foam

Using the space-holder method, titanium foams with various initial urea particles
content (55, 60, 65 and 70 vol.%) were successfully fabricated. The Fig. 2a is the
image of titanium foams sintered, and the (b) is its XRD pattern. Visual inspection
reveals a good integrity of the sintered samples, which possess obvious pore
characteristics. And pores distributed uniformly can be observed from the surface of
cylindrical samples. Figure 2b indicates that there is no characteristic peak of other
substances in addition to the characteristic peaks of titanium. The result illustrates
that the urea (pore forming agent) added in the preparation process had been
completely decomposed, and the decomposition products were excluded from the
furnace in time,which ensures the purity and non toxicity of the titanium foam
products. Meanwhile, it reflects the safety of the titanium implant.

The Pore Structure of Titanium Foam

As shown in Fig. 3, the black part represents the pore areas and the yellow part
represents the pore walls (titanium matrix). It is clear from Fig. 3 that the pore area
is evenly distributed in the entire section, the macro-pores are connected to each
other to form a clear connection structures. From the direction indicated by the
arrow in Fig. 3, these pores are actually interconnected to form a larger and longer
connection structure. And there is little macro-pore exists alone in the cross section
of the foam but these are connected to some extent. It is noteworthy that there are

Fig. 2 The image (a) and XRD pattern (b) of sintered Ti foam with a porosity of 51.67%
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still a large number of small pores in the pore wall, which are also connected to
adjacent pores as shown in Fig. 4c. Thus, the above two kinds of connected pore
features will enhance the connectivity (permeability) of the foams. Based on pore
morphology observation, the pores do not have specific shapes and show the
diversity of pore morphology, which makes titanium foams possess diverse pore
structures. On the one hand, this result is probably due to powdery urea particles
used as pore forming agent. The fine pore forming agents can be more homoge-
neous with titanium powders than the larger one at the mixing stage because of
excellent dispersion characteristics. However, as shown in Fig. 4b, urea aggregation
effect results in the presence of some spherical macro–pores in some local areas.
This does not affect the uniformity of the foam titanium as a whole shown in
Fig. 4a. On the other hand, in the sintering process, the diffusion of titanium atoms
and the shrinkage of the matrix are also possible to make the adjacent small pores
with thin pore walls fuse into larger pores in partial area after removing the pore
forming agent. This combination of pores into a large one through the fusion is also
a way to improve the connectivity and diversity of foam titanium. In the pore
structure of Fig. 4d, there are also some micro-pores, which is about 1–5 μm in
size. Its presence is mainly due to the tiny gaps between titanium particles in the
green compact and the incomplete sintering of the titanium powders during the
sintering process. From the view of the biomedicine, the micro-pores on the pore
walls are also conducive to further improvement of the titanium foams connectivity.
The titanium foams were prepared in this experiment with pore size distribution
mainly in the range of 50–300 μm. This is beneficial to cell adhesion, growth and
differentiation. Furthermore, it can also promote the bone tissue growth and
strengthen the connection between titanium foam and bone tissue, the transmission
of human tissue fluid and the discharge of metabolites [15, 16].

Fig. 3 Optical microscope
micrographs showing the pore
structure of foam titanium
with a porosity of 51.67%
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Compression Property

A typical true stress–strain diagram of the sintered foam is shown in the Fig. 5. It
describes an initial linear stage, followed by plateau-like stage and finally by
densification stage which commences at strains between 0.4 and 0.6. It is indicated
that the increase of porosity can enhance the compressibility of titanium foams,
which means the compressive yield strength and the elastic modulus decreased with
increasing porosity. In addition, the presence of the densification stage was delayed.
As shown in Table 1, the yield strength values of titanium foams containing
porosities in range of 42.71–56.23% were observed to vary between 93.85 and
276.52 Mpa. The Young’s modulus was between 1.53 and 3.21 GPa. The elastic
modulus of the natural bone of the body is 2–20 GPa, which is close to fabricated
titanium foams. Meanwhile, the strength of the titanium foams can completely resist
the external force and prevent fracture when implanted into human body. In
addition, the stress-strain curve also shows that the titanium foams produced by the

Fig. 4 SEM images showing the pore structure of foam titanium with a porosity of 56.23% under
different magnification
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experiment has a long and stable plateau stage with high platform stresses (Prob-
ably in the range of 70–280 MPa), which makes the titanium foams capable to
cushion the external impact [17].

Conclusions

Titanium foams can be successfully fabricated through powder metallurgy route
using powdery particles of urea as space holder. The experimental results show that
the granular urea can make the titanium foams have uniform fine pore structure and
obtain high connectivity due to more connection structure and micro-pores on the
pore wall. And the titanium foams consisted of near spherical porous regions of size
up to 300 μm, which can meet the requirements of medical implants. Meanwhile,
suitable sintering temperature and holding time ensures that the sintered titanium
foam has obvious uniform pore characteristics and preferably mechanical proper-
ties, which especially makes titanium foam has obvious elastic, plateau and den-
sification stages in compression experiments. So the processed foam has a great
energy absorbing capacity with stable plateau stress.

Fig. 5 Stress–strain diagram for the titanium foam

Table 1 Porosity, initial yield strength and modulus of elasticity of porous Ti

Porosity (%) Initial yield strength (MPa) Modulus of elasticity (GPa)

42.71 276.52 3.12
47.34 217.64 2.86
51.67 170.22 2.67
56.23 93.85 1.53
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Leaching Characteristics of Non Ferrous
Metals Recovery from Korean Municipal
Solid Waste Incineration Bottom Ash
Samples

T. Thriveni, Ch. Ramakrishna and Ahn Ji Whan

Abstract Incineration is an advanced solid waste management for municipal solid
waste. Municipal solid waste incineration (MSWI) is an efficient combustion pro-
cess of the waste disposal/treatment. Municipal solid waste incineration (MSWI) fly
ash and bottom ashes are the byproducts of incineration combustion process. In
particular, incineration of waste samples (bottom ash) containing valuable nonfer-
rous metals such as copper (Cu), zinc (Zn), lead (pb), nickel (Ni), titanium (Ti),
including some heavy metals arsenic (As), chromium (Cr), cadmium (Cd) and
mercury (Hg) etc., critical rare metals and rare earth elements. We collected the
copper rich four different municipal solid waste incineration bottom ash samples
from four different incineration plants from Seoul, Korea. The investigations were
carried out at bench scale. For copper extraction, sulfuric acid was used more
suitable for high efficiency. In this work, we used LIX extractant for selective
extraction of copper from bottom ash samples. Finally, an efficient recovery of the
copper was extracted 90% was achieved.

Keywords Leaching ⋅ Characteristics ⋅ Nonferrous metals ⋅ MSWI bottom
ash ⋅ Recovery
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Introduction

The increasing amount of municipal waste generated by an increasing consumption
of goods has led to the development of methods to combust the waste. This is now a
widely utilized waste management method [1]. Incineration of municipal solid
waste (MSWI) gives the possibility to recover energy and reduce the waste mass by
70%, as well as the waste volume by 90% [2]. Generally, municipal solid waste
incineration (MSWI) produces two main types of combustion ash; bottom ash and
fly ash. Bottom ash is the major ash collected at the bottom of the combustion
chambers. This ash contains glassy silicate slag, metal objects, pieces of glass,
ceramics and minerals with high melting points.

Currently, global municipal solid waste generation levels are reached to 1.3
billion tonnes per year, and it is expected to increase 2.2 billion tonnes per year by
2025 [3]. The annual waste generation from East Asia and the Pacific region is
gradually increased. Developing countries faced problems associated with the
poorly managed solid waste management system. There are several reports pub-
lished on the low performance of MSW accessibility of the city due to the lack of
properly designed collection route system and poor condition of the final dump site,
littering of the corner around the skips which encouraged illegal dumping which
leads the environmental and health risks [3]. However, incineration produces large
quantities of by-products, among which bottom ash (BA) is the most abundant with
respect to the generated volumes [4]. In order to move towards a circular economy,
the utilization of bottom ash in building materials as a secondary raw material is
preferred over land filling [5, 6].

Municipal solid waste through incineration process, the organic content of the
waste is converted into thermal energy which can be used for electrical power
generation or district heating. The incineration residue consists essentially of
inorganic materials and metals. Thus, the complex chemical reactions of organic
compounds, e.g. acids and chelating agents, with metals are prevented. In contrast,
the inorganic chemistry of mineralized incineration residues is well understood and
can be fairly easily controlled. After incineration, bottom ash undergoes further
treatments such as separation of un-burnt materials, removal of ferrous and non-
ferrous metals, sieving and washing to produce a recyclable fraction. In addition
bottom ash residual fraction having rich in contaminants [7, 8]. Its application is
limited, beyond a potential for recovering valuable metals [9]. Furthermore, many
researchers have studied the particle size dependency of the potentially toxic ele-
ments (PTEs) in the incinerated by-products [10–14].

Various technologies have been investigated to utilize MSWI ashes in different
countries [15]. Most of the treatment methods developed to aim at the use of the
stabilized ash as a construction material. In some methods the targets of leaching
are to extract the metals from the ash and in a few cases to recover specific metal
from solution by combining with further treatment, such as solvent extraction and
electro winning, as in a process for zinc recovery described by Schlumberger et al.
[16]. While many publications deal with the leaching behavior of Municipal Solid
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Waste Incinerator Bottom Ash (MSWI-BA), only a few address the technical and
economic aspects of metal extraction.

The objectives of the present work were to study the influence of different
parameters on the acid leaching yield of valuable and toxic metals from an MSWI
bottom ash and to examine the possibility of recovering metals from the corre-
sponding bottom ash by acid leaching after crushing and sieving out certain particle
sizes with physical and chemical characteristics of municipal solid waste inciner-
ation bottom ash samples and to determine the metallic elements of ambient bottom
ash samples surrounding MSWI and investigate their properties. Size-segregated
particles were collected around an MSWI in South Korea and leaching behavior
with different acid concentrations was measured and to discuss with the suitable
conditions for Cu, Zn, Pb, Ni and Ti with other heavy metals leaching efficiency.

Materials and Methods

Materials and Characterization MSWI Bottom Ash Samples

In this study, we chose four different municipal solid waste incineration bottom ash
samples from Yangcheon, Mapo, Nowon and Gangnam boilers in South Korea, and
the elements concentrations were investigated as shown in Table 1. In order to
study of Copper recovery from all different bottom ash samples. After receiving the
bottom samples we dried at room temperature for the removal of moisture from that
samples. After drying, the bottom ash samples were totally dissolved in HCl and
HNO3 solutions for recovery of Cu leaching.

An XRF analysis was conducted to determine the chemical content of each
sample. The XRF analysis was commissioned to the Geoanalysis Center of the
Korea Institute of Geoscience and Mineral Resources, R&D Tech-Biz Division.
Test conditions were set at 24 ± 3 °C temperature, and 25 ± 5% R.H. humidity. Cu
and other metal content analysis was commissioned to the Center for Chemical
Analysis at the Korea Research Institute of Chemical Technology and conducted
using the ICP-AES test method.

Leaching

To obtain the aqueous phases for the extraction experiments, the ashes were leached
in 5M HCl and 5M HNO3 at an automatic titration instrument. Leaching experi-
ments were carried out at 5 g of solid bottom ash are dissolved in 100 ml of 5 M
concentrations of liquid solutions for a time long enough to maximize the metal
yield (24 h). The hydrochloric acid was prepared from a concentrated acid of 37%
Sigma–Aldrich and 98% nitric acid with distilled water. The leachates were
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collected by filtering process using Whatman filter papers with 0.45 µm pores size
and collected an aqueous solutions for measuring total concentrations using
inductively coupled plasma atomic emission spectrometry (ICP-AES). In the pro-
cess of copper recovery from MSWI bottom ash samples was involved in three
steps; 1. leaching process, 2. solvent extraction process and finally 3. copper
recovery process as shown in Fig. 1 copper recovery involving a process.

Solvent Extraction Studies of Copper

Solvent extraction (also known as liquid-liquid extraction) has been utilized in
metallurgy for a long time. It is a very simple technique giving it wide application
in hydrometallurgy because it is very easy to handle and low cost chemicals can be
utilized for metal recovery from primary and secondary resources. But at the same
time it has limitations too. The chemical degradation, third phase formation,
sometimes poor selectivity as well as the solubility of certain solvents in aqueous
phase create problems. Thus, the extractants need to have following characteristics
to be utilized in industrial processing: it should possess low solubility in the
aqueous phase and at the same time very high solubility in organic diluents;
density/viscosity should be low and stability should be good.

Extraction Procedure

A suitable aqueous (10 ml) of a feed solution containing metal was equilibrated
with an equal volume of 1 mol/L LIX 84I (2-hydroxy-5-nonylacetophenoneoxime

Fig. 1 Copper recovery by leaching and solvent extraction method. Source Solvent extraction
reagents and application, http://www.cognis.com
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shown in Fig. 2) for 20 min in a separating funnel. Initial experiments on the effect
of time on metal extraction indicated that 15 min is sufficient to reach an equilib-
rium reaction. Adding diluted with 1.0 mol/L H2SO4 and adjusted the equilibrium
pH of the aqueous solution to the desired value. After phase disengagement, the
aqueous phase was separated and the metal concentrations were analyzed by
ICP-AES. The distribution ratio (D) was calculated as the concentration of the
metal present in the organic phase to that part in the aqueous phase at equilibrium.
As and when required, the metal concentration in the organic phase was determined
after filtration through a 1PS paper and stripping was performed using 1.0 mol/L
sulfuric acid solution [17, 18]. The stripping experiments were carried out at
ambient temperature (25 °C). Metal concentrations were measured in samples of

Fig. 2 The chemical structure of the 2-hydroxy-5-nonylacetophenonaoxime (LIX 84I)

Fig. 3 Copper leaching extractants by solvent extraction method
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aqueous phase taken before and after contact with the loaded organic phase and
stripping efficiencies were calculated using the mass balances. Figure 3 shows the
process of copper recovery from leaching solution by solvent extraction method.

Result and Discussion

Characterization of Bottom Ash and Leachate

In Table 2, shows the chemical composition of the leaching solution of bottom ash
samples with 5M HCl and 5M HNO3. The leaching yield increased with the nitric
acid medium when compared to hydrochloric acid. This comparison includes only a
few data sets but it is quite clear that the leaching properties of a specific ash needs
to be investigated in order to make leaching process optimization possible. It also is
shown that the higher leaching of a high acid concentration has to be evaluated
against the cost and technical feasibility of using concentrated acid leachates. The
physical structure of the bottom ash particles can prevent leaching of metal com-
pounds by enclosing them in for example silicate melt. In addition, it has been
observed that the chemical forms of copper present in the ash has a significant
influence on how much can be leached out even at low pH [19]. This particular
bottom ash seems to have a copper speciation that limits the leachability. Therefore,
samples of original and leached bottom ash from the present work are being
investigated with respect to the speciation of copper by ICP-AES and the results
will be discussed in this paper.

The experiments were performed to determine the number of the solvent
extraction stages needed in the mixer-settler system to separate copper from the
leaching solution, and to find suitable stripping agents to obtain purified individual

Table 2 Leaching solution analysis with ICP-AES for different municipal solid waste incinerator
bottom ash samples (24 h leaching time, liquid to solid (v/w) = 10)

Sample name with size
(mm)

Leaching solvent (5 M
concentration)

Leaching elements (ppm)
Cu Zn Zr Fe

Yangcheon (4.75–2.36) 5M HCl 690 531 1.6 228
Yangcheon (4.75–2.36) 5M HNO3 908 681 2.2 304
Yangcheon (2.36–1.38) 5M HCl 321 243 0.75 109
Yangcheon (2.36–1.38) 5M HNO3 665 507 1.6 226
Mapo (4.75–2.36) 5M HCl 425 323 1.0 143
Mapo (4.75–2.36) 5M HNO3 151 115 0.37 51
Nowon (2.36–1.18) 5M HCl 143 109 0.35 47
Nowon (2.36–1.18) 5M HNO3 747 568 1.7 253
Gangnam (4.75–2.36) 5M HCl 183 140 0.6 61

Gangnam (4.75–2.36) 5M HNO3 1536 1169 4.9 522
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copper solutions for further treatment. The reactions between extractants and the
copper ions are described in Eq. (1) [20, 21].

Cu2+ðaqÞ +2RHðorgÞ →R2CuðorgÞ +2H+
ðaqÞ ð1Þ

The copper extractant is involved in the transfer of one metal ion. However,
10 ml of the copper solution and 1 mol/L LIX 84I is needed to completely extract
87% of copper from the leachate. Considering the fact that co-extraction of other
metal ions might occur, 1 mol/L LIX 84I in the organic phases were chosen for the
experiments. The kinetics of copper extraction extractions are shown in Table 3.
The time required for the distribution ratio of copper to reach equilibrium is less
than 1 min for respective systems. A lower phase ratio (O:A) could give more metal
concentrated in the organic phase, but it would also result in more operation stages
needed. Therefore, the phase ratio (O:A) 1:1 for copper were adopted respectively
as operating line for the following investigation using the mixer-settler system. The
extraction of copper is found to be 87% roughly extracted in the first two stages.

Copper Stripping

Copper stripping was carried out using sulfuric acid solution based on results from
earlier work [18]. The results Table 4, show that in general a higher concentration
of the acid solution leads to a better stripping efficiency. When using 0.5 mol/L
H2SO4 the efficiency was 80%, and the efficiency increased to more than 95% when
the concentration was increased to 5 mol/L. Considering the risk that the equipment
would be exposed to corrosion and the cost of the acid, it was decided to use the
lower concentration for the stripping.

As presented in Fig. 3, the aqueous feed from filtration was pumped into a mixer
settler units for copper extraction with a flow rate 6 mL/min. The counter current
flow rate of the organic phase using 1 mol/L LIX 84I in kerosene was 3 mL/min,
which is enough to reach the equilibrium. By this arrangement an O:A ratio of 1:1
was achieved. Aqueous samples were taken from each chamber and the metal
concentration of those samples and in the aqueous feed was measured. Table 4
shows the extraction results from the aqueous feed, which where more than 80%

Table 3 Separation of Cu and Zn by solvent extraction method from aqueous leachate solution
(5 M HNO3) of gangnam bottom ash (4.75–2.36 mm) sample

Metal
name

Feed metal
(mg/L)

Metal in aqueous
phase (mg/L)

Metal in organic
phase (mg/L)

DE Extraction
(%)

Copper 896 118 778 6.59 86.7
Zink 867 850 17 0.02 >2
Iron 344 – – – –

Lead 13 12.6 0.4 0.03 >3
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copper selectively extracted from the aqueous feed with no other co-extraction
besides less than 1% iron in mixer settler stages. The separation factor of Cu/Fe is
larger than 1000, indicating that it is feasible to separate those two elements in this
system [22]. The concentration of copper in the aqueous phase after mixer settler
chambers shown in Table 4.

Conclusions

The results of the present work showed that it is possible to remove the copper from
MSWI bottom ash by leaching with nitric acid hydrochloric acid at pH 2. In the
present work 80% of the copper was leached. It was also shown that the removed
copper metal, can be recovered from the leachate by solvent extraction using the
extractant LIX 84I for copper extraction. Metal extraction from the incineration
residue of municipal waste is not only environmentally beneficial but also prof-
itable. The overall results indicate that the recovery of copper from MSWI bottom
ash using leaching and extraction is feasible up to pilot scale. Since mixer settlers
show a near linear scale up behavior these results are promising for further scale up
to industrial scale.
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Anti-corrosion Properties of Rosemary Oil
and Vanillin on Low Carbon Steel
in Dilute Acid Solutions

Roland Tolulope Loto, Cleophas Akintoye Loto, Bryan Ayozie
and Tayo Sanni

Abstract The corrosion inhibition effect of rosemary oil and vanillin (ROV) on
low carbon steel in 1 M HCl and H2SO4 media was studied through potentiody-
namic polarization, weight loss analysis, optical microscopy and IR spectroscopy.
Results showed optimal inhibition performance of the compound, but more effec-
tively in HCl solution at 92.57 and 94% compared to 64.57 and 64.55% in H2SO4

from both electrochemical test. Identified functional groups of the admixture from
IR spectroscopy completely adsorbed on the steel in HCl, but partially in H2SO4.
Thermodynamic calculations showed chemisorption and physiochemical adsorption
according to Langmuir, Freundlich and Temkin isotherm model. Micro-analytical
images revealed a well-protected ROV inhibited steel surface in comparison to
images from the corroded stainless steel. The inhibition behavior of ROV was
determined to be mixed type.

Keywords Corrosion ⋅ Inhibitor ⋅ Rosemary oil ⋅ Vanillin
Acid

Introduction

Corrosion inhibition by chemical compounds is of great practical importance, being
extensively employed in curtailing wastage of engineering materials and mini-
mizing costs of corrosion control. The use of inhibitors is quite varied often playing
an important role in oil extraction and processing industries, heavy industrial
manufacturing, water treatment facility etc. to minimize localized corrosion and
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unexpected sudden failures. The effectiveness or corrosion inhibition efficiency of a
corrosion inhibitor is a function of many factors, including but not limited to fluid
composition, mixability water, presence of heteroatoms, molecular structure, flow
regime and strength of adsorption with the steel surface. Molecules of natural or
organic origin exhibiting a strong affinity for metallic surfaces is the focus of this
research toward the development of environmentally tolerant corrosion inhibiting
compounds.

Experimental Methods

Low carbon steel (LCS) with a nominal composition 0.8% Mn, 0.04% P, 0.05% S,
0.16% C and 98.95% Fe is the steel test specimen in cylindrical form with dimen-
sions of length, 1 cm and diameter, 1 cm after machining and metallographic
preparation. Vanillin and rosemary oil obtained are the organic compounds evalu-
ated for their synergistic corrosion inhibiting properties in combined molar con-
centrations of 2.96 × 10−3, 5.93 × 10−2, 8.89 × 10−2, 1.19 × 10−2,
1.48 × 10−2, 1.78 × 1−2, in 200 mL of 1 M HCl and H2SO4 acid solutions.
Polarization measurements were carried out at 30 °C using a three electrode system
and glass cell containing 200 mL of the prepared acid solutions at specific con-
centrations of ROV with Digi-Ivy 2311 potentiostat. Cylindrical LCS electrodes
mounted in acrylic resin with an exposed surface area of 0.79 cm2 were prepared.
Polarization plots were obtained at a scan rate of 0.0015 V/s at potentials of −1.25 V
and +0.5 V. Measured LCS steel coupons separately immersed in 200 mL of the
dilute acid test solution for 240 h at 30 °C were weighed every 24 h to determine the
corrosion rate from weight loss analysis. Images of corroded and inhibited LCS
surface morphology from optical microscopy were analysed after weight-loss
measurement with Omax trinocular through the aid of ToupCam analytical software.
Spectral patterns of ROV/1 M HCl and H2SO4 solution (before and after the cor-
rosion test) was evaluated and equated to the theoretical IR absorption table to
identify the functional groups involved in the corrosion inhibition reactions after
exposure to specific range of infrared ray beams from Bruker Alpha FTIR spec-
trometer between wavelengths of 375–7500 cm−1 and resolution of 0.9 cm−1.

Results and Discussion

Potentiodynamic Polarization Studies

The potentiodynamic polarization curves of ROV reaction with LCS in HCl and
H2SO4 acid solution are shown in Fig. 1a, b. Differences in corrosion rate for
specimen A at 0% ROV and specimens B-G at 0.25–1.5% ROV is due to the
intermolecular reaction of ROV inhibitor on LCS surface. Current peaks of the
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polarization curves in HCl solution (Fig. 1a) decreased significantly with increase
in ROV concentration due to precipitation of ROV molecules which eventually
shifts the polarization curves in the anodic direction. ROV has no effect on the
cathodic Tafel slopes in comparison to anodic Tafel values. The anodic Tafel slope
at 0% ROV is as a result of the formation of oxides due to slow electron transfer
step (5, 6). Changes in Tafel slope values after 0% ROV is due to changes in the
electrode substrate, rate controlling step and influence of potential controlled
conditions, thus ROV altered the oxidation electrochemical reactions. LCS was
subject to severe alloy degradation in H2SO4 solution at 0–0.75% ROV as shown in
Fig. 1b. There was a significant improvement in corrosion rate values after 0.75%
ROV due to increase in ROV molecules however the maximum inhibition effi-
ciency attained is 60% due to the high current density at the intercept between the
anodic and cathodic polarization curves, resulting from the debilitating action of
SO4

2−. There is a potential shift in the cathodic direction resulting from the release
of excess electrons. After 0.5% ROV the potential shifts in the anodic direction till
1.5% ROV. The anodic Tafel slope values in H2SO4 tends to be lower than the
values obtained in HCl show due to the strong electrocatalytic nature of LCS at
high overpotentials in H2SO4.

Weight-Loss Measurement and Optical Microscopy Analysis

Figure 2a, b show the plot of LCS corrosion rate versus exposure time from the acid
solutions. Macro images of LCS before corrosion and after corrosion, with and
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Fig. 1 Potentiodynamic polarization curves for LCS a 0–1.5% ROV in 1 M HCl, b 0–1.5% ROV
in 1 M H2SO4
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without ROV are shown in Fig. 3a–c. Microscopic images of LCS before and after
corrosion, with and without ROV are shown from Figs. 4a to 5b. LCS was subject
to severe deterioration and corrosion in both acids at 0% ROV (Fig. 2a, b) resulting
from the action of sulphates and chloride anions. This caused the formation of
porous oxides on the steel (Fig. 3b, c). The corrosion rate at 0% ROV in H2SO4

decreased with respect to exposure time until steady state at 144–240 h; however
the corrosion rate in HCl solution shifted continually at relatively higher values
throughout due to the strong ionization potential of H2SO4. As a result of the
inability of ROV molecules to effectively stall the surface deterioration of LCS in
H2SO4 at lower ROV concentrations (Figs. 2a and 5a), transition from active
deterioration of the steel surface to the passive state until 1–1.25% ROV. In HCl
strong adsorption of ROV molecules after 0.25% ROV result in effective corrosion
inhibition of LCS (Figs. 2b and 5b).

ATF-FTIR Spectroscopy Analysis

The spectra diagram (Fig. 6a) for ROV in HCl before corrosion test show peak
configurations at wavelength with intensities of 3350.43, 2921.81, 2855.86,
2169.15, 1634.86 and 1458.03 cm−1 which refers to amines, amides, alcohols,
phenols, alkanes, alkynes, aromatics and nitro compounds functional groups. Only
the spectra peaks of 3331.26 and 1631.37 cm−1 remained after corrosion inhibition
due to chemisorption adsorption of the functional groups at other peaks. The
electrochemical action of ROV in H2SO4 (Fig. 6b) contrasts its behavior in
HCl solution. The spectra peaks before corrosion test which consists of 3353,
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2954.05–2852.30, 1460.74, 1376.96, 1168.40, 1052.35 and 721 cm−1 (corre-
sponding to alcohols, phenols, amines, amides, carboxylic acids, alkanes, aromat-
ics, alkanes, alkanes, esters, ethers, alkyl halides and aliphatic amines) showed no

Fig. 3 Macro images of LCS a before corrosion, b after corrosion without ROV and c after
corrosion with ROV

Fig. 4 Micro-analytical image of LCS a before corrosion, b after corrosion without ROV in HCl,
c after corrosion without ROV in H2SO4

Fig. 5 Micro-analytical image of LCS after corrosion with ROV at mag. × 100 a in HCl, b in
H2SO4
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significant change in wavenumber but only decreased in peak intensity signifying
limited adsorption of ROV on LCS.

Adsorption Isotherm

Electrochemical adsorption can be viewed as a replacement reaction of water
molecules in the adsorbed layer by ROV molecules within the bulk acid solution.
Langmuir, Freundlich and Temkin adsorption isotherm produced the best fit as
shown from Figs. 7a to 9b. The plots of CROV

θ versus CROV for ROV adsorption in
HCl showed linearity in agreement with Langmuir adsorption isotherm (Fig. 7a)
with a correlation coefficient of 0.9999, In H2SO4 the plots (Fig. 7b) strongly
deviated from ideal Langmuir model with a correlation coefficient of 0.3561. The
plots for the Freundlich isotherm which states that adsorbed molecules interact and
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Fig. 6 ATF-FTIR spectra of ROV adsorption on LCS a 1 M HCl solution, b 1 M H2SO4
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influence further adsorption through repulsion or attraction of molecules as the
amount adsorbed is the total of adsorption on all sites (9, 10) showed a correlation
coefficient of 0.7549 in HCl (Fig. 8a) and 0.7668 in H2SO4 (Fig. 8b). Temkin
isotherm assumes the heat of adsorption decreases linearly with increase in surface
coverage taking into account the indirect interactions of adsorbate-adsorbate
molecules on adsorption isotherm. The Temkin isotherm plot for ROV in HCl
(Fig. 9a) had a correlation coefficient of 0.9380 while in H2SO4 it is 0.9359
(Fig. 9b).
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Thermodynamics of the Corrosion Process

The highest and lowest value of ΔGads
o in HCl is value obtained is −44.75 kJ mol−1

at 0.25% ROSV and −44.05 kJ mol−1 at 1.25% ROSV. These values align with
chemisorption adsorption mechanism (12, 13). In H2SO4 the values are
−39.31 kJ mol−1 at 0.5% ROSV and −36.77 kJ mol−1 at 0.25% ROSV which is
consistent with physiochemical adsorption mechanism.

Conclusion

ROV compound effectively inhibited the corrosion of low carbon steel specimens
studied in dilute molar concentrations of HCl acid solution but performed relatively
poorly in H2SO4 acid due to the electrochemical action of sulphate anions. In HCl
the compound chemically adsorbed onto the steel surface through the functional
groups within its molecular structure, identified through ATF-FTIR spectroscopy
analysis. Physiochemical interaction with the steel occurred in H2SO4 solution.

Acknowledgements The author acknowledges Covenant University Ota, Ogun State, Nigeria for
the sponsorship and provision of research facilities for this project.
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Stainless Steel Corrosion Resistance
in 0.5 M H2SO4 Using Cassia fistula
Extract

Olugbenga Adeshola Omotosho, Joshua Olusegun Okeniyi,
Cleophas Akintoye Loto, Abimbola Patricia Popoola,
Sunday Adeniran Afolalu, Emmanuel Obi, Oluwatobi Sonoiki,
Timi Oshin and Adebanji Ogbiye

Abstract A study of the corrosion behavior of stainless steel (SS) in 0.5 M sulphuric
acid using Cassia fistula leaf extract (CFLE) at 30 °C was carried out. The study was
conducted by taking the SS samples, in inhibited and uninhibited solutions through
linear sweep voltammetry tests, and then subjecting the recorded data from the
experiment to analysis, to yield the surface coverage, inhibitor efficiency, inhibition
mechanism and adsorption model. The analysed data showed that inhibitor efficiency
ranged from98.59 to 95.25% at 2 and 8 g/L respectively. Surface coverage data for the
experiment fitted well to the Langmuir model with a separation factor parameter
showing favourable adsorption. Inhibitor adsorption was spontaneous showing
overriding physical adsorption, while an anodic inhibition mechanismwas displayed.
CFLE promoted the overriding influence of the chromium oxide passive film on the
SS metal surface to forestall the aggressive effect of sulphuric acid.

Keywords Stainless steel ⋅ Sulphuric acid ⋅ Cassia fistula extract
Linear sweep voltametry ⋅ Anodic slope ⋅ Cathodic slope ⋅ Inhibition
mechanism

Introduction

Stainless steel (SS) finds application in a many industrial facilities because of its
corrosion resistance and desirable mechanical and machining properties. It enjoys
widespread applications in food, beverage and chemical plants because of its
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non-staining properties [1] due mainly to the ability to form a self-healing thin oxide
filmwhen abraded. This is made possible by the chromium component of the stainless
steel alloy having a very high affinity for atmospheric oxygen; such that chromium
oxide is formed immediately the surface is scratched [1–4]. Researchers have there-
fore been attracted to the study of stainless steel in aggressive media, because when it
is exposed to aggressive industrial media like sulphuric acid [5], the thin oxide pro-
tective layer is gradually depleted until the alloy ismade bare to the corrosive attack of
the acid. If this is unchecked, thematerial loses its thickness, meaning that its effective
load carrying capacity is compromised, and thus, cannot support the load it was
designed to support [6, 7]. This is followed by catastrophic failure of the component.
As a result, there is uncontrollable contamination of the environment especially if the
content of the facility is toxic [6]. Other challenges may include the loss of production
man hours, litigation, hostility from host communities and disposal problems [4–12].
Thus, because of the versatility of stainless steel in chemical industries, focus is given
to its protection from aggressive environments.

The attention of several researchers has increasingly been drawn to the corrosion
resistance of stainless steel in acidic environment because of the economic
importance of the problem. In the US alone annual direct corrosion cost is put at a
whopping 3.1% of Gross Domestic Product (GDP) [13]. In other industrialized
countries, corrosion costs to the economy are significant and attempts are being
made to nip this environmental menace in the bud [14]. The big loss caused by
corrosion can be reduced substantially by utilizing corrosion inhibitors [2–16].
Compounds like molybdates, chromates and phosphates that are inorganic and
several organic compounds containing sulphur, oxygen and nitrogen heteroatoms
have been studied for their corrosion inhibiting abilities [17–20]. Though the
inorganic inhibitors are effective, their tendency to contaminate plant and animal
life is the most unacceptable attribute, amongst others that users find disagreeable.
In addition, they are expensive, difficult to dispose and often time associated with
litigation between plant operators and the community [21–31]. However, respite is
offered with the introduction of plant extracts with corrosion inhibiting abilities.
Phytochemicals like flavonoids, tanins, terpernoids, alkaloids and saponins con-
tained in most of these plants have been found to be effective in combatting cor-
rosion in acidic media [4, 32, 33]. Thus, effort has been intensified in this direction,
because they offer certain benefits amongst which are eco-friendliness,
bio-degradability, non-toxicity, availability and affordability. The utilization of
plant extracts to retard the degradation of metals in acid media has been published
by researchers [4, 6–9, 12, 33]. Previously, we have investigated the effect of
Cassia fistula plant extract on SS corrosion in HCl [4], while the influence of
Terminalia cattapa on mild steel in HCl and sulphuric solution was also investi-
gated [33, 34]. The present work captures the continuation of our work on the
inhibitive capability of Cassia fistula leaf extracts. The study therefore, investigates
the corrosion resistance of SS in sulphuric acid environment in the presence of
Cassia fistula leaf extracts (CFLE). The study is conducted by taking stainless steel
samples through linear sweep voltammetry tests to harvest data on electrochemical
activity of the plant extract.
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Experimental Methods

Stainless steel samples with composition of 15.12 Cr, 11.88 Ni and 67.51% Fe
determined by an optical microscopewere dimensioned and cut into sizes of 1 × 1 cm
(with thickness of 0.3 cm). Each of the metal samples was then treated according to
procedures laid down in ASTM G1-03 [35] for pre-experimental cleaning of stainless
steel samples. The treated samples were then stored in a dessicator. Afterwards, the
treated samples were each connected to an electrical wire on one side, while the other
face was exposed to the electrolyte, but the rest of the metal was buried inside a
two-epoxy resin system. The electrical wire from the working electrode was connected
to the potentiosat whilst, the exposed face, was positioned directly opposite the ref-
erence electrode (Ag/AgCl electrode) and the auxiliary electrode (graphite rod) in
electrolyte solution inside the three-electrode electrochemical cell assembly manu-
factured by Princeton Applied Research (model K47). The chemical utilized in this
study were of analar grade. The 0.5 M concentration of sulphuric acid used was
prepared using double distilled water. Cassia fistula fresh leaves obtained from within
Covenant University, Ota, Nigeria were taken for identification at the Forestry Her-
barium, Ibadan, Nigeria. The sample was assigned voucher FHI No. 110261 at the
Forestry Herbarium in Ibadan. The fresh leaves were then dried, under conditioned
atmosphere at 21 °Cbefore beingmilled into a powdery formusing a grindingmachine.
Afterwards, methanolic extract was prepared from the powdered leaves according to
procedures stated in previous works [4, 36–38]. CFLE concentrations of 2, 4, 6, 8 and
10 g/L respectively were then prepared from the stock solution.

After all connections were made from the corrosion cell kit to the Digi-Ivy
potentiostat (model DY2312X050 A0280IR), linear sweep tests were conducted.
The open circuit potential (OCP) was obtained prior to commencement of the LSV
tests. The monitoring was initiated at a scan rate of 0.1 V/s from an anodic and
cathodic potential of +0.5 V and −1.0 V respectively. Parameters like corrosion
potential (Ecorr), charge transfer resistance (Rct), corrosion current density (icorr),
and corrosion rate (CR) which can be deduced from the Tafel plots of potential
versus log icorr was recorded from the databank of the LSV instrument. In order to
deduce these parameters the following equations were used:

CRA=
3.27 × 10− 3 × icorr × eq.wt

d
ð1Þ

where icorr = corrosion current density (μA/cm2), d = density of metallic sample
(g/cm3) and eq.wt = equivalent weight (g). The CRA is used in estimating the
inhibition efficiency, η (%) and surface coverage (θ), employing Eqs. 2 and 3
respectively [4, 6]:

η %ð Þ= CRAsolution without CFLE −CRAsolutionwith CFLE

CRAsolutionwithout CFLE

� �
100 ð2Þ
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θ=
CRAsolution without CFLE −CRAsolutionwith CFLE

CRAsolutionwithout CFLE

� �
ð3Þ

The adsorption studies were conducted by fitting several adsorption models to
the experimental surface coverage (θ) data. However, the Langmuir adsorption
isotherm had the highest R-value from the test conducted and so it was identified as
the isotherm that best described the SS metal-CFLE interaction mechanism.
Equation 4 is the Langmuir equation in linearized form [39]:

C
θ
=

1
KLQc

+
C
Qc

ð4Þ

Qc and KL are the maximum monolayer capacity (mg/g) and Langmuir isotherm
constant. The adsorption studies conducted identified the Langmuir adsorption
isotherm as the isotherm with the best experimental data fit for the corrosion sys-
tem. KL in the Langmuir expression is associated with RL in the separation factor
expression. Equation 5 depicts the RL parameter and it is the expression for the
separation factor, which is also a dimensionless equilibrium parameter which
characterizes the adsorption [40]:

RL =
1

1+KLCs
ð5Þ

The initial concentration and the separation factor are depicted by Cs and RL

respectively.

Results and Discussion

Potentiodynamic polarization plots for the stainless specimens immersed in 0.5 M
H2SO4 with and without varying CFLE concentrations at ambient temperature of
30 °C are presented in Fig. 1. A close scrutiny of the corrosion potential of the

Fig. 1 Plots of
potentiodynamic polarization
from LSV test-results on
stainless steel specimens at
30 °C under the influence of
varying Cassia fistula leaf
extracts concentration
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control specimen, in comparison to the inhibited sample, shows that the potential
for the inhibited specimens were more positive at all concentrations. This indicates
that the inhibitor was responsible for the anodic reactions on the metal surface.
A maximum displacement of 631 mV was obtained from finding the difference
between the control and inhibited Ecorr value. Thus, since a value of 631 mV was
greater than 85 mV, the inhibitor is interpreted as having predominantly anodic
type inhibitor behaviour [4, 40, 41].

A relationship between the anodic and cathodic Tafel slopes with the inhibitor
concentration is shown in Fig. 2a. Figure 2a further represents the variation of the
corrosion potential with the inhibitor concentration. It is noted that the anodic and
cathodic Tafel slope constants wholly persisted in the anodic and cathodic region as
CFLE concentration increased. However, a completely anodic behaviour is shown
by Ecorr curve on the graph. The Ecorr curve for inhibited samples is completely in
the anodic region of the graph, while the only Ecorr value in the cathodic region is
for the control sample. This completely agrees with Fig. 1 where the Tafel plots
absolutely indicated anodic type inhibitor behaviour by reason of their deviation
towards the more positive direction.

In Fig. 2b, a representation of the corrosion rate and surface coverage (θ) against
CFLE concentration is shown. An indirect relationship exists between corrosion
rate and surface coverage. It is noted from the graph that corrosion rate and surface
coverage of the inhibited samples reduced and increased respectively as inhibitor
concentration changed. However, the reductions and increases did not follow any
particular trend. But, the surface coverage was generally high, with a range of 0.95–
0.98 for the 4 and 8 g/L CFLE concentrations respectively. Generally, surface
coverage was high at all CFLE concentrations used. This suggests that the inhibitor
was effective in covering and protecting the metal surface despite its presence in an
acidic media.

In Fig. 3a, where a plot of the inhibitor efficiency against CFLE concentration is
presented, it is observed that the inhibitor efficiency generally had high values as
concentration changed. However, no particular trend was established. This is
clearly in agreement with the surface coverage plots in Fig. 2b. An optimal

Fig. 2 Plots of a Tafel slopes (βa, βc) and corrosion potential (Ecorr) against concentration,
b corrosion rate and surface coverage (θ) against concentration for SS samples immersed in 0.5 M
H2SO4 using Cassia fistula extract
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efficiency of 98.59% was attained at CFLE concentration of 4 g/L, while the lowest
of 95.25% was at 8 g/L concentration. These two values were very high, depicting
the effective of CFLE.

The presentation in Fig. 3b shows the fit of the experimental data to the
Langmuir adsorption isotherm. Fittings of the experimental data were done to
several adsorption models and Langmuir was found to have the highest R-value of
0.99. Thus, the Langmuir adsorption isotherm best described the adsorption of the
CFLE extract to the SS metal surface.

Furthermore, the parameters in Table 1 were obtained after a plot of log (C/θ)
versus log C was conducted; and the slope and intercept from the graph was
compared to Eq. 5. The parameters enable us to establish the degree of favourability
of the adsorption process [4, 41–43]. The mode of sorption is classified as; unfa-
vourable if (RL > 1), linear if (RL = 1), favourable if (0 < RL < 1) and irreversible
if (RL = 0). Therefore, the adsorption process can be described as favourable since
RL = 0.995.

Moreover, the Gibbs free energy ΔG0
ad (of adsorption was deduced by using the

expression in Eq. 6 [40–42]:

ΔG0
ad = − 2.303RTLog 55.5KLð Þ ð6Þ

R and T are the universal gas constant (8.314 kJ/mol K) and ambient temperature
(303 K) respectively. The negative value of −1.05467 kJ/mol obtained by substi-
tuting for KL in Eq. 6 indicates a favourable, but spontaneous, adsorption process

Fig. 3 Plots of a inhibitor efficiency against inhibitor concentration (g/L) and b Langmuir
adsorption isotherm model fitting with experimental data from LSV test on SS samples immersed
in 0.5 M H2SO4 under the influence of Cassia fistula extract at 30 °C

Table 1 Langmuir isotherm linear regression parameters and separation factor

S. no. Description Slope Intercept QC KL RL Favourability
condition

1 SS_H2SO4_CFLE 1.0206 0.028 0.978 0.00274 0.948 Favourable
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by CFLE on SS. In addition, a prevalent physisorption adsorption process is sug-
gested for the CFLE on SS in H2SO4 media, since the Gibbs free energy was lower
than −20 kJ/mol [4].

Conclusions

This study investigated the corrosion resistance of SS in 0.5 M H2SO4 using CFLE
as a green inhibitor at 30 °C through the linear sweep voltammetry tests. The study
established that:

• CFLE acts as an efficient corrosion inhibitor for SS in 0.5 M H2SO4 at all
concentrations, but its efficiency values did not follow a particular trend;

• Optimum inhibitor efficiency of 98.59% was attained at 4 g/L, while the least
was 95.25% at 8 g/L;

• The potentiodynamic polarization curve established a predominant anodic in-
hibition mechanism;

• The surface coverage data fit with several adsorption isotherms yielded the
Langmuir isotherm as best, based on r2 value of 0.9997;

• The separation factor parameter showed a favourable sorption process for CFLE
on SS;

• The Gibbs free energy of adsorption of −1.054 kJ/mol suggests an overriding
spontaneous physisorption process;

• The CFLE promoted the influence of the chromium oxide passive film on the SS
metal surface.
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Synergistic Effect of Benzonitrile
and Benzothiazole on the Corrosion
Inhibition of 316 Stainless Steel in 6M HCl
Solution

Roland Tolulope Loto, Cleophas Akintoye Loto, Alexander McPepple,
Gabriel Olanrewaju and Akanji Olaitan

Abstract The synergistic effect of the combined admixture of benzonitrile and
benzothiazole (BBZ) on the corrosion inhibition of 316 austenitic stainless steel in
6M HCl solution was evaluated through potentiodynamic polarization, coupon
measurement, optical microscopy and IR spectroscopy analysis. Results obtained
showed the effective corrosion inhibition performance of the admixture with opti-
mal inhibition efficiency value of 95%. Identified functional groups of alcohols,
phenols, amines, amides, carboxylic acids, aliphatic amines, esters and ethers
within the compound completely adsorbed onto the steel from analysis of the
adsorption spectra while others decreased in intensity due to partial adsorption.
Thermodynamic calculations showed the cationic adsorption through chemisorption
mechanism according to Langmuir and Freundlich adsorption isotherms.
Micro-analytical images showed a badly corroded morphology with corrosion pits
in the absence of compounds which contrast the images obtained with the com-
pound. The compound was determined to be mixed type inhibition.

Keywords Corrosion ⋅ Inhibitor ⋅ Adsorption ⋅ Steel

Introduction

Corrosion problems are responsible for a significant percentage of the total costs for
most industries worldwide due to the aggressive nature of industrial environments
on metallic surfaces of equipment and structures. These problems are associated
with operational setbacks, plant shutdowns and equipment maintenance, leading
to recurrent partial and even total process shutdown etc. causing in enormous
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economic losses [1]. Stainless steel corrosion is an electrochemical process, induced
by certain electrolytic phenomena in interaction with corrosive environments. These
steels are generally corrosion resistant and do perform optimally, however the limit
of their corrosion resistance depends on the composition of operating environment
and strength of their passive protective films which itself is a product of the alloy
composition and metallurgical structure. The continuous exposure of stainless steels
to action of acids results in accelerated deterioration of the steels due to breakage of
the passive film at specific sites through which aggressive ions penetrate and initiate
corrosion in the form of localized attacks [2–4]. Appropriate application of
chemical compounds for corrosion inhibition significantly reduces the corrosion
effect on the steels [5, 6]. Organic compounds containing heteroatoms in their
structure tends to be effective inhibitors as such this study focuses on the synergistic
corrosion inhibition properties of benzonitrile and benzothiazole on 316 austenitic
stainless steel.

Experimental Procedure

316 austenitic stainless steel (316SS) obtained commercially have a nominal
composition shown in Table 1. The steel specimens were machined and abraded
with silicon carbide papers before cleansing with distilled water and acetone for
weight loss analysis. Measured 316SS specimens were separately immersed in
200 mL of 6M HCl solution for 456 h and weighed 24 h to determine the weight
loss and corrosion rate. Potentiodynamic polarization test was performed after
mounting the steel specimens in epoxy resin (exposed surface area, 1.33 cm2) with
a three electrode system, glass cell with the electrolyte solution and Digi-Ivy 2311
at a scan rate of 0.0015 V/s between potentials of −0.5 V and +1.5 V to obtain the
corrosion rate, corrosion current density, corrosion potential, polarization resistance
and inhibition efficiency using the Tafel extrapolation method. Spectral patterns of
BBZ/6M HCl solution (before and after the corrosion test) was evaluated and
equated to the theoretical IR absorption table to identify the functional groups
involved in the corrosion inhibition reactions after exposure to specific range of
infrared ray beams from Bruker Alpha FTIR spectrometer between wavelengths of
375–7500 cm−1 and resolution of 0.9 cm−1. The inhibiting compounds (benzoni-
trile and benzothiazole) were purchased from BOC Chemical, USA in the syn-
thesized form.

Table 1 Percentage nominal composition of 304LSS and 316SS

Element symbol Si N Ni Mo Cr Mn P S C Fe

% composition (316SS) 0.75 0.1 11 3 18 2 0.045 0.03 0.08 65
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Results and Discussion

Polarization Studies

The corrosion polarization behaviour of 316SS in 0–1.5% BBZ/6M HCl solution is
shown in Fig. 1. Results obtained from the polarization test are presented in
Table 2. At 0% BBZ, 316SS severely deteriorated at corrosion rate value of
9.91 mm/year, corresponding to a corrosion potential value of 0.316 V. Addition of
BBZ compound (0.25–1.5% BBZ) altered the electrochemical behaviour of 316SS
due to the effective inhibiting action of BBZ molecules in counteracting the action
of Cl− ions on the stainless steel surface. The current density reduced sharply after
0% BBZ while the corrosion potential value of 316SS at 0.25% BBZ shifted to a
less negative value of 0.231 V signifying anodic inhibition, before alternating
within specific ranges at higher BBZ concentration due to the mixed inhibiting
properties of BBZ through surface coverage resulting from chemisorption reaction
mechanisms. The inhibition efficiency values at from 0.25 to 1.5% are significantly
above 90%, which is proportional to the high polarization resistance values. The
corrosion rate and corrosion inhibition efficiency results (Table 2) shows changes in
BBZ concentration is independent of the corrosion rate results, hence is effective at
all concentration studied. The maximum change in corrosion potential value for
BBZ corrosion inhibition is 85 mV in the anodic direction thus it is an anodic type
inhibitor.
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Fig. 1 Potentiodynamic polarization curves for BBZ inhibition of 316SS corrosion in 0–1.5%
BBZ/6M HCl solution

Synergistic Effect of Benzonitrile and Benzothiazole … 903



T
ab

le
2

Po
te
nt
io
dy

na
m
ic

po
la
ri
za
tio

n
re
su
lts

fo
r
B
B
Z
in
hi
bi
tio

n
of

31
6S

S
co
rr
os
io
n
in

0–
1.
5%

B
B
Z
/6
M

H
C
l
so
lu
tio

n

Sa
m
pl
e

B
B
Z

co
nc
en
tr
at
io
n

(%
)

C
or
ro
si
on

ra
te

(m
m
/y
ea
r)

C
or
ro
si
on

cu
rr
en
t
(A

)
C
or
ro
si
on

cu
rr
en
t
de
ns
ity

(A
/c
m

2 )

C
or
ro
si
on

po
te
nt
ia
l
(V

)
Po

la
ri
za
tio

n
re
si
st
an
ce
,

R
p
(Ω

)

C
at
ho

di
c

T
af
el

sl
op

e,
B
c
(V

/d
ec
)

A
no

di
c

T
af
el

sl
op

e,
B
a
(V

/d
ec
)

In
hi
bi
tio

n
ef
fi
ci
en
cy

(%
)

0
0

9.
91

7.
63

E
−
04

9.
65

E
−
04

−
0.
31

6
33

.7
0

−
7.
75

0.
04

0
1

0.
25

0.
35

2.
67

E
−
05

3.
38

E
−
05

−
0.
23

1
96

2.
00

−
6.
32

34
.6
0

96
.5
0

2
0.
5

0.
27

2.
11

E
−
05

2.
67

E
−
05

−
0.
28

8
12

20
.0
0

−
7.
82

25
.3
0

97
.2
3

3
0.
75

0.
29

2.
24

E
−
05

2.
83

E
−
05

−
0.
25

4
11

50
.0
0

−
4.
81

31
.6
0

97
.0
6

4
1

0.
35

2.
69

E
−
05

3.
40

E
−
05

−
0.
28

1
95

6.
00

−
5.
87

21
.1
0

96
.4
7

5
1.
25

0.
30

2.
34

E
−
05

2.
97

E
−
05

−
0.
27

3
11

00
.0
0

−
6.
08

18
.8
0

96
.9
3

6
1.
5

0.
26

1.
99

E
−
05

2.
52

E
−
05

−
0.
26

5
12

90
.0
0

−
6.
07

28
.8
0

97
.3
9

904 R. T. Loto et al.



Weight-Loss Measurements

Figure 2a, b shows the graphical illustration of BBZ inhibition efficiency and
316SS corrosion rate versus exposure time in the acid media. There is a general
decrease in inhibition efficiency corresponding to an increase in corrosion rate
during the exposure hours however the corrosion rate of 316SS at 0% BBZ increase
exponentially significantly differing from the steel specimens with at specific BBZ
concentrations. BBZ compound displayed similar corrosion inhibition characteris-
tics on the corrosion behaviour of 316SS with time basically through adsorption. Its
presence in the acid media stifled the oxygen reduction, hydrogen evolution and
oxidation reaction mechanism responsible for corrosion. Adsorption of BBZ
probably blocked the active sites where the dissolution and release of metal cations
into the solution occurs as a result of the action of chloride anions. BBZ belongs to
the group of organic compounds consisting of electron rich heteroatoms which are
centers of Lewis acid-base interaction with the steel [7]. They act by forming a
protective film over the entire exposed area of the steel. The film chemisorbs onto
the steel inhibiting the reaction of corrosive anions with the steel [8]. This prevents
the passage of metallic cations consisting of Fe2+ into the solution.

Adsorption Isotherm

Langmuir and Frumkin adsorption isotherm was applied to describe the adsorption
mechanism of BBZ inhibition of 316SS corrosion in 6M HCl solution, as they best
fits the experimental results. The negligible deviation of the slopes from unity in
Fig. 3a, b is attributed to the molecular interaction among the adsorbed inhibitor
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Fig. 2 Graphical plot of a BBZ inhibition efficiency, b 316SS corrosion rate versus exposure time
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species on the steel surface and changes in the values of Gibbs free energy of
adsorption due to changes in surface coverage values. Langmuir isotherm suggests
monolayer layer adsorption at specific reaction sites on the steel’s surfaces. The
adsorptions are identical, equivalent and no lateral interaction between the adsorbed
molecules exists [9]. Plots of CBBZ

θ versus CBBZ (Fig. 3a) perfectly fits with Lang-
muir isotherm with a correlation coefficient of 0.9943. The Frumkin adsorption
isotherm suggests that the steel surface is heterogeneous i.e. lateral interaction effect
is not negligible [10]. Plots of log θ ̸ð1− θÞC

� �
versus θ in Fig. 3b showed a

correlation coefficient of 0.9872.

Thermodynamics of the Corrosion Process

Results shown in Table 3 give supporting evidence of slight deviation from ideal
condition of Langmuir and Frumkin isotherm models due to the differential values
of Gibbs free energy of adsorption (ΔGads) with changes in surface coverage (θ)
values. The negative ΔGads values are due to the spontaneity of the adsorption
process as a result of the non-homogeneous nature of the steel surface. The values
of ΔGads calculated ranges between −38.70 and −42.22 kJ mol−1 indicating
chemisorption adsorption mechanism through electrostatic attraction and covalent
interaction and bonding.
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b Frumkin isotherm

906 R. T. Loto et al.



ATF-FTIR Spectroscopy Analysis

The spectra diagram for BBZ adsorption and corrosion inhibition of 316SS in 6M
HCl is shown in Fig. 4. Peak configuration of BBZ/6M HCl plot (after corrosion)
showed significant decrease in wavelength values between 928.04 and
3065.60 cm−1 in comparison to the peak configuration of BBZ/6M HCl plot (be-
fore corrosion) due to adsorption of the functional groups (identified through
comparison of the wavelength numbers within the range of decreased transmittance
with the theoretical table of characteristic IR absorptions) on 316SS during the
corrosion inhibition process.

Table 3 Data obtained for Gibbs free energy, surface coverage and equilibrium constant of
adsorption at specific molar concentrations of BBZ

Samples LCN
conc. (M)

Surface
coverage (θ)

Equilibrium constant of
adsorption (K)

Gibbs free energy, ΔG
(KJ mol−1)

A 0 0 0 0
B 1.05E−02 0.826 452306.2 −42.22
C 2.10E−02 0.822 220000.4 −40.44
D 3.15E−02 0.822 146667.0 −39.43
E 4.20E−02 0.829 115478.2 −38.84
F 5.25E−02 0.805 78667.1 −37.89
G 6.30E−02 0.873 109159.4 −38.70
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Fig. 4 ATF-FTIR spectra of BBZ adsorption on 316SS 6M HCl solution
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Conclusion

BBZ performed effectively in the acid media inhibiting the corrosion of 316
stainless steel. The corrosion inhibition efficiency values of the compound remained
generally the same at the concentrations studied with slight deviations as a result of
the inhibition reaction of the molecular functional groups and heteroatoms of the
compound which influenced the mechanism of the redox electrochemical reactions.
Thermodynamic calculations confirm strong chemisorption reaction mechanism
and the adsorption aligned with the Langmuir and Frumkin adsorption isotherm.
Infrared spectra images confirmed the adsorption of the functional groups resulting
in the effective passivation of the steel.
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Corrosion Resistance of Aluminium
in 0.5 M H2SO4 in the Presence of Cassia
fistula Extract

Olugbenga Adeshola Omotosho, Joshua Olusegun Okeniyi,
Cleophas Akintoye Loto, Abimbola Patricia Popoola, Adeoluwa Oni,
Ayomide Alabi and Abisola Olarewaju

Abstract The effect of Cassia fistula leaves extract on the corrosion of Al in 0.5 M
H2SO4 at 30 °C was investigated using gravimetric and electrochemical method.
Gravimetric tests were conducted for 32 days in inhibited and uninhibited test
solutions, while the potentiodynamic polarization tests were conducted from an
anodic and cathodic potential of +0.5 V and −1.0 V respectively, at a scan rate of
0.1 V/s. Result analyses showed that Cassia fistula inhibits corrosion of Al effec-
tively and adsorbs according to Langmuir adsorption isotherm. Corrosion rate
reduced as inhibitor concentration increased for the gravimetric method, whereas
for the electrochemical method it reduced as concentration increased, with excep-
tion at 4 and 6 g/L inhibitor concentration. Adsorption was found to be spontaneous
for both techniques, while the inhibition mechanism was found to be mixed but
predominantly cathodic. Cassia fistula boosted thin oxide film surface coverage to
hinder attack of the sulphuric acid.

Keywords Aluminium ⋅ H2SO4 ⋅ Cassia fistula extract ⋅ Potentiodynamic
polarization ⋅ Tafel slope ⋅ Surface coverage ⋅ Adsorption

Introduction

The industrial application of aluminium alloy has been on the increase after the
discovery of its desirable properties. The challenge of extracting aluminium from its
ore, made its early utilization almost impossible. Aluminium and its alloys have the
ability to resist atmospheric corrosion in chemical, marine and industrial settings.
This high resistance prolongs the useful life of the equipment, reduces maintenance
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costs considerably and maintains the outward appearance. Thus, because of all
these desirable properties ranging from high strength-to-weight ratio to its
non-ferromagnetic nature amongst many, aluminium became an economic com-
petitor with immense comparative advantage for engineering applications [1–10].
However, the corrosion resistance of aluminium has been attributed to its ability to
form a protective thin oxide film [6, 8, 10]. The exposure of this protective film to
acidic environments like pickling, etching, descaling and oil well acidizing oper-
ation usually leads to the destruction of the film and eventual attack of the metal. In
most cases, engineering metallic parts are simultaneously subjected to chemical
exposure/attack and design load situations in service. Eventually, they become
unable to support designed load specification, because such attacks reduce the
effective thickness of the metal parts. The metal wastage that has occurred ensures
that the component is unable to withstand its designed load capacity, because it
loses engineering functionality and fails, either gradually or suddenly.

Corrosion prevention and control techniques have been identified as; metallic
coatings application, cathodic protection, environmental modification, materials
selection, and chemical, organic and green inhibitor utilization amongst others [4–6,
8–19]. Though effective, the use of chemical inhibitors has been associated with
negative environmental consequences ranging from contamination of plant and
animal life, pollution, disposal burden and litigation from host communities. For
these reasons, research focus has shifted from this harmful but effective technique to
the use of green inhibitors. They have been recognized as environmentally friendly,
litigation free, cheap, affordable and easily disposable [13–16]. Asides from these
attributes, they contain compounds with polar functional groups like sulphur,
nitrogen, phosphorous and oxygen and a variety of aromatic systems with conju-
gated double bonds [13–15]. Fundamentally, these surface-assimilative compounds
adsorb on the metal surface to stifle the aggressive media harmful reaction. These
heterocyclic compounds are chemically and physically adsorptive substances with a
very active nature [17]. They are responsible for the corrosion resistant ability
displayed by plants.

Since the use of chemical compounds as corrosion inhibitors has become
objectionable due to the harmful effects of these compounds on plant and animal
life, it is therefore necessary to come up with a new category of corrosion inhibitors
with low toxicity, environmental friendliness and great efficiency. Plants have been
used by human beings for housing, food, apparel, herbs and corrosion inhibitors
[20]. Plant extracts have been used as corrosion inhibitors for more than 80 years
[20]. Specifically, for the very first time during acid pickling operation utilizing
H2SO4, Chelidonium majus and some other plants were used [20]. This is because
of the unique benefits associated with the use of plants. In this study therefore,
which is a continuation of our study on corrosion inhibiting potentials of Cassia
fistula [21], leaf extract of Cassia fistula is utilized as corrosion inhibitor in the
Hydrochloric acid corrosion of aluminium alloy using gravimetric and potentio-
dynamic polarization techniques.

910 O. A. Omotosho et al.



Experimental Methods

Aluminium specimen were cut into 2 cm × 2 cm × 0.3 cm coupons and
weighed. Prior to this pre-experimental chemical treatment as per ASTM D2688-94
R99 [22] was conducted on the test sample. Thereafter, they were completely
immersed in 100 ml of the test solution in an open container. Before taking the
weight readings after each experiment, the metal samples were also subjected to
post experimental treatment specified in ASTM G 1-03 [23] for post-experimental
treatment. The test solutions consisted of the control and the inhibited test solution
(solution containing the Cassia fistula leaf extracts). The inhibited solution con-
centrations were 2, 4, 6, 8 and 10 g/L. The reagents used in this study were of
analar grade. Sulphuric acid of 0.5 M concentration was prepared using Double
distilled water. The gravimetric tests were conducted for 32 days and the readings
were taken every 4 days.

The electrochemical measurements were performed by a Digi-Ivy potentiostat
(DY2312X050 A0280IR) equipped with a DY2300 series software. A three-
electrode cell is connected to the potentiostat via electrical wire with crocodile
clip. The three electrodes are: the working electrode which is the aluminium test
sample with exposed surface area of 1 cm2; the auxiliary electrode (graphite rod)
and the reference electrode (Ag/AgCl electrode). Prior to the connection of the
aluminium sample potentiostat, the aluminium was chemically treated according to
procedures stated in ASTM D2688-94 R99 for pre-experimental treatment of alu-
minium samples for corrosion monitoring experiment. The treated samples were
then embedded in alraldite resin epoxy system with a wire connection protruding
out of the system for connection to the potentiostat.

Tafel polarization curves from the linear sweep voltammetry (LSV) test were
used to evaluate the corrosion resistance of the aluminium samples. LSV tests was
carried out at a scan rate of 0.1 V/s from an anodic potential of +0.5 V and cathodic
potential of −1.0 V. The following parameters were obtained from the LSV
instrument database: corrosion current density (icorr); corrosion potential (Ecorr);
charge transfer resistance (Rct) and corrosion rate (CR). By plotting a graph of
potential versus log icorr all the parameters stated earlier could also be estimated
from the Tafel plots.

Analyses of Experimental Data

After the completion of the gravimetric tests, the weight loss obtained was
employed to calculate the corrosion rate, Ral. Weight loss readings were substituted
into Eq. (1) below [24–29]:
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Ral mmpyð Þ= 87.6 WLð Þ
T ×A× ρ

ð1Þ

where T, WL, ρ and A, is the time of immersion (h), weight loss (g), density of mild
steel (g/cm3) and area (cm2) respectively.

The corrosion rate (RLSV) from LSV tests were deduced from equipment readout
using Eq. (2) [21, 24–28]:

RLSV =
3.27 × 10− 3 × icorr ×EW

ρ
ð2Þ

EW, and icorr are the equivalent weight (g) and corrosion current density (μA/
cm2).

The inhibitor efficiency (IE%) from the weight loss test was estimated using the
corrosion rate data. This was done by employing Eq. (3) [8, 24–33]:

IE%=
Rblank −RCF

Rblank

� �
× 100 ð3Þ

Also, the surface coverage (θ) of the Cassia fistula plant extract was calculated
using Eq. (4) [24–28, 32–34]:

θ=
Rblank −RCF

Rblank

� �
ð4Þ

Results and Discussion

Figure 1 represents the relationship between: corrosion rate and time of the
immersion and inhibitor efficiency and concentration. It is observed from Fig. 1a
that the corrosion rate of the control system when compared to that of the inhibited
sample was higher from the beginning to the end of the experiment. The sulphuric
acid ions were in complete control of the entire system and despite the thin oxide
film on the aluminium surface. The thin film was broken down by the acidic ions in
the solution; this was more evident on 8th day of the experiment. Afterwards, it
seemed the corrosion products in the solution formed a barrier on the surface of the
metal and reduced the corrosion rate henceforth. However, the values were still
higher than the inhibited sample. It is worthy to note that, while corrosion rate
values for the inhibited samples were quite low from the beginning to the end of the
experiment, it was also closely related in values. The values were marginal and so
the deviations of the values were not so evident on the graph. In order to have a
clearer picture of what happened, the average corrosion rate values were taken for
each inhibitor concentration and the following order was discovered in reducing
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order: 2 < 4 < 6 < 8 < 10 < 0 g/L. This completely agrees with Fig. 1b where, it
was observed that inhibitor efficiency increased as concentration increased. The
highest value of 76.2% was attained at 10 g/L, while the least value of 71.6% was at
2 g/L concentration.

The plot of potentiodynamic polarization (Log icorr vs V) for aluminium samples
immersed in 0.5 M sulphuric acid with and without varying inhibitor concentration
is shown in Fig. 2a, while Tafel slopes (βa, βc) superimposed with the corrosion
potential (Ecorr) against concentration is shown in Fig. 2b. Analysing the corrosion
potential of the control specimen, and comparing it with that of the inhibited sample
shows that the potential for the 8 and 10 g/L samples were more positive, whereas
that of the 2, 4 and 6 g/L samples were less positive. This indicates that the
inhibitor influenced the reactions in both anodic and cathodic directions on the
metal surface. The maximum Ecorr displacement in comparison to the control is
67 mV. This value (67 mV) is less than 85 mV [21, 28, 29] and negative. This
implies mixed but predominantly cathodic inhibitor behaviour. In Fig. 2a, it was

Fig. 1 Plots of a corrosion rate against time and b inhibitor efficiency against concentration for
aluminium sample immersed in sulphuric acid under the influence of Cassia fistula leaf extract at
30 °C

Fig. 2 Plots of a potentiodynamic polarization, b Tafel slopes and corrosion potential against
concentration for Al samples immersed in 0.5 M H2SO4 using Cassia fistula extract
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observed that the anodic and cathodic slope constants wholly lingered in the anodic
and cathodic zone as concentration changed. However, it was discovered that,
though the Ecorr values for the 2, 4, 6 and 10 g/L concentration remained in the
cathodic zone, the Ecorr value of the 8 g/L concentration strayed into the anodic
region, before moving back into the cathodic zone as concentration increased to
10 g/L. There seems to be an agreement between the trend observed in the Fig. 2a,
b, since a predominantly cathodic mechanism was established.

An investigation into the relationship that existed between the surface coverage
and concentration as the experimental time increased is presented in Fig. 3a. It is
obvious from the plot that surface coverage values for the 8th day was highest
across all concentration used. This was closely followed by the 16th and 24th day
values. However, the 4th and 32nd day surface coverage values were the lowest.
The explanation for the former case could be that the time was too short for surface
coverage to build up, while in the latter case, the acidic media aggressive ions had
taken over the reaction process in the corrosion process. In the 8th, 16th and 24th
day scenario the Cassia fistula plant extract were active in enhancing surface
coverage of the protective film over the metal surface. This graph simply shows the
behaviour of the protective film as the experiment progressed. Figure 3b is a rep-
resentation of the corrosion rate data for the gravimetric and potentiodynamic
techniques against the inhibitor concentration. It is very clear that almost the same
behaviour was displayed by the Cassia fistula plant extract in both cases. The only
slight deviation noticed is at the 2, 4 and 10 g/L inhibitor concentrations. Both
curves however show that corrosion rate reduced as inhibitor concentration
increased.

The metal-inhibitor adsorption mechanism for the gravimetric and potentiody-
namic technique is presented in Fig. 4. Several tests were conducted by fitting
experimental data to a variety of adsorption isotherms, and it was found out, for
both techniques, that the Langmuir adsorption isotherm best described the mech-
anism of adsorption. However, a plot of Log (C/θ) versus Log C was conducted to

Fig. 3 a Plots of dynamic surface coverage as time changes and b gravimetric (GCR) and
potentiodynamic corrosion rate (PCR) for aluminium sample immersed in 0.5 M HCl under the
influence of Cassia fistula leaf extract at 30 °C
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be able to compare that result (shown in the graph in Fig. 4) to the Langmuir
equation stated elsewhere [35]. Equation (5) below is the Langmuir equation.

C
θ
=

1
KLaQc

+
C
Qc

ð5Þ

Qc is the maximum monolayer capacity (mg/g), while C is the concentration. The
Langmuir adsorption constant obtained from the comparison was further employed
in the separation factor equation in which KLa had a relationship. Equation (6) is
referred to as the separation factor (Rse) equation [35] and the equation enables us to
ascertain the degree of favourability of the sorption process.

Rse =
1

1+KLaCs
ð6Þ

The initial concentration is depicted by Cs. The result of that analysis yielded the
KLa value. This value was substituted into the separation factor equation to obtain
the Rse value. Furthermore, the KLa value was substituted into Eq. (7) which is the
Gibbs free energy equation [35] to obtain the final value of the free energy.

ΔG0
ad = − 2.303RTLog 55.5KLað Þ ð7Þ

All this analysis produced the data in Table 1 for both techniques. The calculated
RLa values for the gravimetric and electrochemical techniques showed that the
sorption process was favourable based on conditions stated in literature [35]
regarding favourable adsorption process (RL < 1). Also, the Gibbs free energy
obtained for both techniques indicated that the process was spontaneous. The
negative Gibbs free energy value (−12.77 and −18.89 kJ/mol respectively) estab-
lished a preponderant physisorption process for the adhesion of the Cassia fistula
leaf extract on the aluminium surface.

Fig. 4 Plots of adsorption isotherm for a gravimetric technique and b electrochemical technique
for aluminium sample immersed in 0.5 M HCl under the influence of Cassia fistula leaf extract at
30 °C
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Conclusions

In this chapter, the investigation of the effect of Cassia fistula plant extract on the
corrosion resistance of aluminium in 0.5 M H2SO4 was conducted employing the
gravimetric and potentiodynamic polarization technique. It was discovered that:

• Cassia fistula extract acts as a good corrosion inhibitor for Al in 0.5 M H2SO4 at
all concentrations, with its efficiency increasing as concentration increased for
the gravimetric method;

• Inhibitor efficiency for the potentiodynamic technique did not follow a particular
trend, however, 10 g/L concentration attained the highest value of 96%, while
the least efficiency was 85.22% at 6 g/L;

• The potentiodynamic polarization curve depicted a mixed but predominant
cathodic inhibition mechanism;

• The Langmuir adsorption isotherm best described the metal-inhibitor interaction
mechanism for both techniques used, based on r2 value of 0.9642 (gravimetric)
and 0.9947 (potentiodynamic);

• The separation factor parameter of 0.148 (gravimetric) and 0.015 (potentiody-
namic) showed a favourable sorption process since both values were less than 1;

• The Gibbs free energy of adsorption of −12.77 and −18.89 kJ/mol, for the
gravimetric and potentiodynamic technique suggests a preponderant sponta-
neous physisorption process;

• The Cassia fistula plant extract enhanced the effect of the oxide passive film on
the aluminium metal surface.
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Pt Decorating Effect on CNT Surface
Towards Adsorption of SF6 Decomposed
Components

Hao Cui, Xiaoxing Zhang, Dachang Chen, Jiani Fang and Ju Tang

Abstract Carbon nanotubes (CNTs) based sensors are drawn considerable atten-
tions for gas adsorption and sensing due to their large specific surface area. In this
paper, the adsorptions of three SF6 decomposed components (SO2F2, SOF2 and
SO2) on Pt doped CNT are theoretically studied based on density function theory
method. The density of state, frontier molecular orbital theory as well as Mulliken
population analysis were considered in order to comprehensively understand the
adsorbing processes. Results indicated that Pt-CNT has the best sensitivity to SOF2
owing to their strong chemisorption, followed by SO2 and the last one comes to
SO2F2 due to their weak physisorption. Pt dopant that acts as an activated catalytic
additive can effectively improve the adsorption ability to gas molecules through
providing several active adsorption sites of CNT. Our calculation results would be
meaningful not only to explain the sensing mechanism of CNT but also to suggest
advanced SWCNTs based sensing materials to be applied in the field of electrical
engineering.

Keywords SF6 decomposed components ⋅ Pt ⋅ CNT

Introduction

Sulfur hexafluoride (SF6) in the past decades has received extensive applications in
gas insulated switchgear (GIS) and other high voltage devices of the power system
owing to its excellent insulating and arcing performances [1]. Even so, in a
long-running equipment, SF6 would be decomposed under partial discharge or
partial overheat caused by inevitable insulation defects into several low-fluoride
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sulfides such as SF4, SF3, SF2 and so on [2]. These would subsequently react in the
presence of oxygen and trace water, and form many kinds of typical decomposition
products including SOF2, SO2F2, SO2, H2S, SOF4, HF, etc. [3–6], which is bound
to deteriorate the performances of SF6, increasing the potential of system paralysis
[7].

Therefore, the online-detection for partial discharge and overheat has become a
necessary means to evaluate the operation state of some insulating devices applied
in electrical engineering. Through detecting the content of these decompositions,
the related insulation defects can be speculated, and it would be much more efficient
to take corresponding measures to lower the loss caused by the insulation problems
[8]. Carbon nanotubes (CNTs) have aroused considerable attention for gas sensing
materials since its first discovery by Iijima and Ichihashi [9], due to their fast
response and high sensitivity [10, 11]. The basic sensing mechanism of CNTs
sensors is based on the conductivity changes once the gas molecules are adsorbed
on such sidewall [12, 13]. However, owing to their strong sp.2 binding in typical
geometrical structure, intrinsic CNTs present inactivity with most gas molecules
[14]. Thus, in many studies, metals that exhibit good chemical and electronic
properties so that response sensitively to changes in their surroundings [15–17] are
proposed to decorate the CNTs for the sake of the improvement of sensitivity and
selectivity to specific gases, where the metal nanoparticles provide active sites to
the interaction with targeted molecules [18].

As a high catalytic activity metal, platinum (Pt) is usually employed as a dec-
oration for CNTs in order to form a high sensitivity complex to certain small gas
molecules [19]. To explore its further applications, this paper simulates the
adsorption processes of certain SF6 decomposition products, namely SO2F2, SOF2
and SO2, on Pt doped CNT (Pt-CNT) based on the first principle theory. The
highest occupied molecular orbital (HOMO) and the lowest unoccupied molecular
orbital (LUMO) are also introduced to help understand the electronic behavior and
the conductivity change during the adsorbing processes. The results show that the
Pt-CNT surface displays rather good adsorption performances to the three SF6
decomposed components, indicating its possibility to be prepared as a novel type of
practical sensor utilized in power system.

Calculation Details

All the computations were performed on the DMol3 package of materials studio.
Spin-unrestricted DFT in the generalized-gradient approximation (GGA) with the
Perdew-Burke-Emzerhof (PBE) was adopted to acquire all the data mentioned
below [20]. Brillouin-zone was executed by the Monkhorst-Pack scheme with
k-point sampled into 1 × 1 × 2 [21]. The energy tolerance accuracy, maximum
force, as well as displacement were set as 10−5 Ha, 2 × 10−3 Ha/Å, and 5 × 10−3

Å [22], respectively. The semi-conducting (8, 0) single wall carbon nanotube
(SWCNT) was selected with a super cell of 20 Å × 20 Å × 8 Å to acted as the

922 H. Cui et al.



adsorbed system [23]. One C atom is substituted by Pt atom to form the Pt-CNT.
The gas molecules in parallel with Pt-CNT were all geometrically optimized to their
most stable structures. To commence the adsorption reactions, the gas molecules
were individually approaching the Pt-CNT in diverse orientations with initial dis-
tance 2 Å and then relaxed to their most geometric configurations. When suc-
cessfully completing the calculations, the adsorption distances (D) and adsorption
energies (Ead) value can be obtained, in which the adsorption energy of each
process were calculated by the following equation [24]:

Ead =Egas ̸Pt−CNT −Egas −EPt−CNT ð1Þ

where the Egas/Pt-CNT, Egas and EPt-CNT separately represents total energies of the
adsorption system, the gas molecule and the Pt doped CNT. Generally, only when
the Ead lowers than 0, can relevant reaction occurs spontaneously, while the positive
value manifests that this process is not able to happen. Moreover, the more negative
this value is, the more possibility this reaction is likely to occur. Additionally, the
Mulliken population analysis is considered to evaluate the charge transfer between
the gas molecule and adsorbent, results presented by QT.

Results and Discussion

Optimized Structures of Pt-CNT and Gas Molecule Models

In the optimized Pt-CNT structure (Fig. 1a), the Pt atom obviously protruded out of
the tube due to the larger radium of Pt atom than that of C atom. In SO2 config-
uration (Fig. 1b), the band length of S–O equals to 1.481 Å and the O–S–O angel to
120.001°. Comparing the SO2F2 configuration shown in Fig. 1c with SOF2 in
Fig. 1d, we find that the adding of the O atom causes the shortened distances of S–
O and S–F bonds, from 1.462 Å and 1.672 Å to 1.413 Å and 1.613 Å, respectively.

Fig. 1 Optimized structures of Pt-CNT and gas molecules
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Adsorbing Configuration for Three Species on Pt-CNT

After adsorbing SO2, SOF2 and SO2F2 on the sidewall of Pt-CNT, related con-
figurations are shown in Fig. 2. In Fig. 2a where the SO2 adsorbing system is
shown, we can found that SO2 adsorbed on the Pt-CNT surface with two O atoms
oriented, and both O atoms are trapped by the Pt atom with Pt–O bond 2.192 Å.
The Ead and QT in this system is calculated to be −0.76 eV and −0.449 e,
respectively. The negative value for QT suggests the electron transferring path from
Pt-CNT surface to SO2 molecule. Referring to the SOF2 configuration seen in
Fig. 2b, it can be seen that owing to the strong adsorption strength of Pt dopant, one
F atom is adsorbed on the Pt surface while escaped from the constrained of S atom.
At the same time, a new bond between Pt and S atom in the SOF2 molecule has
formed with length of 2.495 Å. After the adsorption of SOF2, the Ead is −1.41 eV
and the QT equals to −0.596 eV, suggesting that electron transfers from Pt-CNT to
adsorbed molecule as well. Similar to the SOF2 system, after the adsorption of
SO2F2 molecule on the surface of Pt-CNT as shown in Fig. 2c, one F atom is also
trapped and formed new bond with Pt dopant with length of 2.006 Å, leading to the
escape of such F atom from the binding force of S atom. In the meanwhile, the S
atom is also trapped by the Pt dopant with the new formed Pt–S bond 2.462 Å. It
should be noted that the lengths of newly formed Pt–S and Pt–F bonds in SO2F2
system are similar to those in SOF2 system. In this system, the Ead and QT are
calculated as −1.66 eV and −0.808 e, respectively.

According to the adsorbing configurations of three system, one can concluded
that the Pt doping supplies the CNT surface with good adsorbing ability for these
gases, thereby offering its strong adsorption property. Moreover, the Pt-CNT is
provided with best adsorption behavior towards SO2F2 given the largest values of
Ead and QT. On the contrary, the Pt doped adsorbent has poorest adsorbing per-
formance towards SO2 considering the combining analysis of Ead and QT. In
addition, the adsorbing distance (D) defined as the shortest length from the mole-
cule to Pt-CNT are in order as SO2F2, SOF2 and SO2, which according with the Ead

and QT sequences can also confirm the adsorbing ability of Pt-CNT surface towards
these three gases. According to the obtained adsorbing parameters, we

Fig. 2 Adsorption configurations for three systems
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comprehensively assume that the adsorption towards SO2 is physisorption while the
adsorption towards SOF2 and SO2F2 can be deemed as chemisorption.

Density of State and Frontier Molecular Orbital Theory
Analyses

Density of state (DOS) curve that can obviously provide understanding of elec-
tronic behavior for adsorbing system compared with the pure Pt-CNT is important
to be plotted. To better understand the change of adsorbing system from the
insolated one, the DOS for two system (before and after gas molecules were
adsorbed) were figured in the same frame as shown in Fig. 3.

We can find based on these figures that after adsorbing gas molecules, the total
DOS peaks are generally improved compared with the pure Pt-CNT ones. At the
same time, DOS transfers to a lower or higher region in varying systems, indicating
the electron transfer between the gas adsorbate and Pt-CNT. It is just these changes
that lead to the increase or decrease in electrical conductivity of proposed sensing
material. To further illustrate the change in conductivity, the molecular frontier
orbital theory is calculated as shown in Fig. 4. It can be seen that compared with the
pure Pt-CNT, the HOMO and LUMO distributions have changed dramatically due
to the adsorption of certain gas molecule. We can find from the electron cloud
surrounding the Pt dopant in Fig. 4a that Pt is strong hybrid with the carbon
nano-support, while the energy gap of Pt-CNT is 0.35 eV. Simultaneously, the
change in orbital energies are changed sharply as well after adsorbing gas molecule.
The HOMO-LUMO gaps have changed to 0.11 eV for SO2 system, 0.26 eV for
SOF2 system and 0.50 eV for SO2F2 system, respectively as shown in Fig. 4b, c, d.
Generally speaking, the increasing gap indicates the decrease for conductivity and
conversely, the decreasing gap indicates the increase for conductivity. Therefore,
we assume that after the adsorption of SO2 and SOF2, the conductivity of Pt-CNT
would be increased and, after the adsorption of SO2F2, the conductivity of Pt-CNT

Fig. 3 DOS curves for various adsorbing systems
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would be decreased. The conductivity change would be the detecting mechanism
for our proposed sensing material to realize the online-detection for SF6 decom-
posed components and further, the different changing tendency in conductivity
determine the possibility of selective detection for various SF6 decompositions.
Given the adsorption ability and the conductivity change of Pt-CNT towards three
gases, we assume that our proposed Pt-CNT can be a good sensing materials for
selectively and sensitively detecting of SF6 decomposed species, and thereby
realizing the operating state evaluation for SF6 equipment.

Fig. 4 HOMO and LUMO distributions for varying systems
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Conclusions

In this paper, the adsorption performance of Pt doped (8, 0) SWCNT to three types
of SF6 decomposed gases were investigated within DFT, for making the material
possible as gas adsorbent to guarantee the good insulation state of GIS, and even as
sensors employed to evaluate the operation state of such devices.

The calculated results reveal that the Pt decorated CNT has the remarkable
sensitivity to SO2F2 and SOF2, and exhibits relatively weak interaction with SO2.
Even though, this Pt decorated surface that exerts good adsorption performance are
hopeful to be applied in the field of electrical engineering for the removal of SF6
decomposed species in GIS. When four types of gas molecule/molecules are
adsorbed on the Pt doped surface, its conductivity undergo increase or decrease due
to their shrinkages or wideness of energy gap. The conductivity of Pt-CNT would
increase after the adsorption of SO2 and SOF2, and in SO2 adsorbing systems,
related conductivity increase much more significantly. As a result, Pt decorated
CNT provides an enhanced nanostructure for detecting SOF2 or SO2F2 because
relevant adsorptions onto the modified surface are desirable and favorable. We
believe that such initial investigations can provide our future experiments with a
first look into the physicochemical properties of Pt doped CNT, thereby acceler-
ating the practical application of its based material.
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Part XXXVI
Thermo-Mechanical Response

of Materials with Special Emphasis
on In-situ Techniques



“In Situ” Measurement of Electrical
Resistivity, Dilatometry and Thermal
Analysis of Cast Iron

Primož Mrvar and Mitja Petrič

Abstract The contribution describes the “in situ” measurement of electrical
resistivity, dilatometry and thermal analyses of flake and spheroidal graphite cast
iron in liquid state, during solidification and in solid state. The shape of graphite
formed during solidification influences electrical properties and variations of
dimensions of cast irons. The complex “in situ” measurements were performed
using in house developed measuring cell. The samples were systematically quan-
titatively metalographically investigated. It was found that electrical resistivity of
lamellar grey cast iron is greater than the electrical resistivity of spheroidal graphite
cast iron since the lamellas of graphite interrupt the iron matrix more than the
nodules and the conduction electrons are scattered more on interfaces between
graphite and metal matrix. The electrical resistivity of the flake graphite cast iron is
increasing during solidification and decreasing after solidification. Based on
“in situ” obtained results of electrical resistivity, dilatations and temperatures the
materials properties were reconstructed.

Keywords Electrical resistivity ⋅ Dilatometry ⋅ Thermal analysis

Introduction

At materials design someone is always interested in solidification path of material.
It is very similar at solidification of different cast irons. Most common tool for
solidification monitoring is thermal analysis and in connection with chemical
composition it is possible to predict the developed microstructure and also
mechanical properties. Beside thermal analysis there are some other techniques to
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define solidification and microstructure such as simultaneous thermal analysis
(STA), dilatometric analysis and also electrical resistivity measurement [1–3].

After the solidification at cooling or at heat treatment γ—austenite is decom-
posed into ferrite (α) and graphite (G) or after metastable system into heterogeneous
microstructure constituent perlite (α + Fe3C), or mostly by both paths respectively.
Knowledge of actual microstructure, which comprises the nodule count, ferrite or
perlite fraction in material respectively, is important due to the dependences of the
mechanical properties of the casting [4, 5]. In the as-cast state the material has
predominantly ferrite-perlite matrix. At the casting manufacture the cooling rate is
determined by the local thickness of the casting wall. Final microstructure of
material depends mostly of the alloy treatment by nodulizer and inoculant or by the
proper choice of the alloy composition. Both measures effect on the course of the
solidification and transformation in the solid state, respectively [6].

It’s known very well, that transformation in the solid state depends on the
microstructure formed in the solidification stage, i.e. of the nodule count. Higher
content of impurities or low content of alloying elements effect on the growth and
the decomposition of different phases. Low addition of the specific alloying ele-
ments, such as Cu, Mn, Sn and Sb, practically lead to the perlite matrix [7–9].

All these reaction mentioned above can be connected with dimensional changes
which are the case of this study. Also the electrical resistivity of grey cast iron is
changed during solidification and in further cooling in the similar manner. Electrical
resistivity of pure metals is rising with higher temperatures because of increased
vibration of lattice described as phonons and increased number of lattice defects.
During the melting of a metal the electrical resistivity can be increased by the factor
2.2 since the periodicity of the lattice is broken and the conducting electrons are
scattered more [10–12]. The theory is similar at resistivity of alloys and beside this
the alloying elements have negative influence as well. If there are some other
microstructural constituents present in the microstructure they have in most cases
negative effect on electrical resistivity since the periodicity of lattice is broken on
interfaces which causes electron scattering.

In the case of grey cast irons the situation is very similar. The amount of graphite
and the shape of graphite have same influence on electrical resistivity as describe
above. In the case of lamellar cast irons the electrical conductivity is higher than in
the case of nodular cast iron [13–15].

Experimental

Alloys were prepared in the industrial foundry of the spheroidal graphite cast iron.
The basic melt was prepared in the cold-blast cupola. There was one sample used
for dilatometric analysis and two for electrical resistivity measurement. Chemical
compositions and markings of samples are presented in a Table 1. The sample for
dilatation analysis was from spheroidal graphite cast iron (500), and the samples for

932 P. Mrvar and M. Petrič



electrical resistivity measurements were from base alloy (Base) and from spheroidal
graphite cast iron (600).

The dilatometric analysis was made using the dilatometer with the measuring
cell (Fig. 1) which was made by the Croning process, which has been developed
from the standard quick-cup probe for the thermal analysis of the cast iron alloys. In
the measuring cell two quartz rods have been axially installed, which could move
the same way as the analysis sample. The rods are connected with the cores of the
induction displacement transducers. The thermocouple is placed in the middle of
the measuring cell in the heat center. The induction displacement transducers and
the thermocouple were connected through the amplifier with the measuring card of
DAQ PAD-Mio16XE-50 and the data was collected to a computer.

Table 1 Chemical compositions of alloys

C Si Mn S Cr Cu P Mg

Base 3,95 1,82 0,259 0,048 0,04 0,026 0,031 0,005
500 3,70 2,45 0,27 0,016 0,41 0,58 0,027 0,040
600 3,79 2,54 0,348 0,01 0,039 0,029 0,026 0,045

Ni Mo V Ti Sn Al Bi
Base 0,017 0,002 0,004 0,009 0,021 −0,004 0,003
500 0,026 – – – – – –

600 0,019 0,004 0,004 0,008 0,056 0,007 0,005

Cross-section through the measuring cell: A - A 

Standard probe 
Quick-Cup made 

by Croning 
process 

Inserted piece  
made by  

CO2 treatment

34
 

 8 

Thermocouple 
NiCr-Ni, type 
K, is protected 
by the quartz 

tube

Quartz rod 
Casting cavity

B
 

11

AA

13

38

10
40
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Fig. 1 The dilatation measuring cell for the samples of 12 × 34 mm
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The electrical resistivity measurements were conducted in a measuring cell
presented on Fig. 2. It is made by Croning process and is isolated with calcium
silicate brick in order to lower the cooling rates. The casting has a square
cross-section with of 330 mm2 and length of 210 mm. At the ends of casting the
two current electrodes were inserted and 20 mm towards the centre the two
potential electrodes were inserted in order to measure electrical resistance of the
casting by four-probe technique. The four-probe DC technique was used for
measuring electrical resistivity as thoroughly described in previous work [3] where
iron wires were used as electrodes. Simultaneously the thermal analysis was carried
out by K-type thermocouple positioned under the sprue. All the data were captured
by National Instruments CompactDAQ NI 9213 and NI 9219 measuring cards.

Acquired data was then plotted in form of curves presenting electrical resistivity
versus temperature and/or time. Electrical resistivity (ρ) was calculated according to
Eq. 1:

ρ=R
S
l
, ð1Þ

where R is measured resistance, S and l are cross-section and measuring length of a
sample (170 mm). Cooling curves representing solidification path were plotted as
well.

All samples were metallographically examined in order to determine the shape
of graphite, size, distribution and portion of graphite and also the matrix. Metal-
lographic observations were done by Olympus BX 61 optic microscope in polished
and 2% NITAL etched state. The size and shape of graphite was determined
automatically by Analysis 5.0 software.

Fig. 2 Half of croning measuring cell with inserted electrodes (a), closed measuring cell (b),
insulated measuring cell prepared for casting (c) and casting (d)
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Results and Discussion

Metallography

Metallographic observations showed the shapes of graphite and pearlite portions in
all three samples. Sample of base alloy obtained directly from cupola furnace
showed flake shape of graphite or form A. It is also observed that some rosette flake
graphite (form B) and undercooled graphite (form D) are present in sample since the
melt was not treated and inoculated. Samples of spheroidal graphite cast iron 500
and 600 have mainly nodular graphite, but since the melt was not completely
treated before pouring—it was pre-inoculated but it was not in-stream inoculated—
the shape of graphite is not perfect form VI but it is degraded to some extent.
Microstructures of all three samples are presented in Fig. 3. It can be also seen that
in base alloy sample the matrix is nearly 100% pearlitic and in samples of ductile
iron is about 80% of pearlite and 20% ferrite.

Dilatometric Analysis

From the dilatometric curve and thermal analysis (Fig. 4) of the sample 500 is
noticed, that the eutectic solidification proceeds uncoupled, i.e. the solidification is
characterized by the initial contracting due to the precipitation of the austenite
dendrites and then of graphite respectively. It is clear that during the austenite
precipitation the sample is contracting but when the eutectic reaction starts it starts
to expand because of precipitation of graphite. During cooling the sample is con-
tracting again due to thermal expansion coefficient. At the temperatures of eutectoid
transformation the sample is expanded again because of transformation of austenite
to ferrite and/or pearlite.

Fig. 3 Microstructures of all investigated samples: base alloy (a), 500 alloy (b) and 600 alloy
(c)—etched by NITAL 2%
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Electrical Resistivity Measurements and Thermal Analysis

As described above the cooling rates were recorded at measurements and electrical
resistivity was measured continuously from pouring till 650 °C. Following figures
are presenting cooling curves with its derivative curves and curves of electrical
resistivity versus time with its derivative curves presented on same diagram in order
to correlate cooling curves with change of electrical resistivity. Figure 5 is pre-
senting measurement of sample from basic alloy with flake graphite. One can see
that changes and inflection points on cooling curve and its derivative coincide quite
well with changes and inflection points on electrical resistivity curve and its
derivative (lines in Fig. 5 are annotating the start and the end of solidification).
There are some small deviations observed in matching of these points due to
measurement where temperature is measured in one point under the sprue where the
solidification is the last but electrical resistivity is measured throughout the whole
sample and solidification at the ends starts faster.

It is seen that electrical resistivity of base alloy is decreasing during cooling of
melt but at the start of solidification it starts to increase. This phenomenon is
different from the theory of pure metals due to graphite flakes formation which
cause high electron scattering resulting in increased resistivity. When solidification
is finished the maximum resistivity is reached and it descends slowly during
cooling. Another deflection point on electrical resistivity curve and its derivative is
reached at time of app. 400 s which corresponds to 910 °C on cooling curve. This
deflection point is believed to be the start of eutectoid transformation since the
resistivity is decreasing faster but the mismatch with the temperature is caused by
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Fig. 4 The dilatation curves and the cooling curve of sample 500
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the reason described above where temperature is measured in one point but the
resistivity throughout the whole sample length. According to thermal analysis the
eutectoid transformation started at 742.1 °C.

Figure 6 is presenting similar analyses for spheroidal graphite cast irons as
Fig. 5 for flake graphite cast iron. One can notice that the curve of electrical
resistivity is very different than in case of flake graphite cast iron. The electrical
resistivity is not rising during solidification but is decreasing as it is in theory. This
is caused by the shape of graphite which is spheroidal and does not interrupt the
matrix as much as graphite flakes and does not cause so much of electron scattering
resulting in lower resistivity. From the electrical resistivity curve and also from its
derivative in Fig. 6 rather difficult to determine exact start and the end of solidi-
fication. Similar is with prediction of eutectoid transformation. It is only difficult to
see the deflection on resistivity curves at app. 350–400 s when the slope is a little
steeper.

For comparison the electrical resistivities versus temperature are given in a
Fig. 7. It is clear that the shapes of curves are very distinguished between flake
graphite cast iron and nodular cast iron. This is clear confirmation that such mea-
surements are suitable to predict the microstructure of cast irons in terms of shape of
graphite which is developed during solidification. It is clear that the drop of elec-
trical resistivity during eutectoid transformation is different for different alloys from
where also the state of the matrix can be predicted.

Fig. 5 Diagram presenting cooling curve and electrical resistivity curve with their derivatives of
base alloy sample
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Conclusions

This paper presents the “in situ” measurements of electrical resistivity and dilata-
tions during solidification and cooling for different cast irons. Results have shown
that the electrical resistivity differs for flake graphite cast irons from spheroidal
graphite cast irons. The electrical resistivity of flake graphite cast irons is increasing
during solidification as a consequence of high electron scattering on flakes. In

Fig. 6 Diagram presenting cooling curve and electrical resistivity curve with their derivatives of
600 sample

Fig. 7 Comparison of electrical resistivities versus temperature
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spheroidal graphite cast iron it is the opposite way where electrical resistivity is
decreased during solidification since the electron scattering is lower at spheroidal
graphite which does not interrupt the metal matrix so much.
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Part XXXVII
Ultrafine-Grained Materials X



Mechanical Properties of Ultrafine Grain
2519 Aluminum Alloy

Gbadebo Owolabi, Temitayo Daramola, Nadir Yilmaz,
Horace Whitworth and Ahmet Zeytinchi

Abstract The effect of percentage thickness reduction and annealing time on the
mechanical properties of cryo-rolled AA 2519 aluminum (Al) alloy was examined.
Tensile tests were performed on samples in the longitudinal, transverse and at 45°
to the rolling direction. The mechanical properties such as the Yield Strength
(YS) and the Ultimate Tensile Strength (UTS) were observed to improve when
compared to as-received sample of the 2519 alloy. This is in agreement with the
Hall-Petch relationship. The highest variations in these properties were observed in
the longitudinal direction, followed by the 45° and the lowest values were obtained
in the transverse direction. However, the difference between the mechanical
properties in the various directions decreased with an increase in annealing time
showing homogeneous distribution of the fine particles.

Keywords Hall-Petch ⋅ 2519 Al alloy ⋅ Yield strength ⋅ Tensile strength
Fine particles ⋅ Annealing

Introduction

AA 2519 aluminum alloy is a high strength to weight ratio age-hardenable alloy
with copper as the principal alloying element. Other minor elements are usually
added to increase its resistance to impact load, strength, fracture toughness, and
resistance to fatigue failure making it prime candidate for structural applications
ranging from ballistic armored vehicles to fuselage components in aircraft [1, 2].
During its service life, it is exposed to several severe and adverse conditions, it is
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therefore crucial to further improve its reliability and safety while in operation by
improving the mechanical properties of the alloy.

One of the most substantial methods used for improving the mechanical prop-
erties of aluminum and aluminum alloys is via grain refinement. This is based on
the observation that the grain boundaries acts as a pinning point that impedes
dislocation movement within the microstructure of an alloy [3]. The grain bound-
aries acts as barriers to dislocation movement that need greater force to overcome.
Grain refinements helps increase the number of pinning points which in turn sup-
presses the dislocation movement thus strengthening the material. Some of the
common techniques used for grain refinement include friction stir processing,
accumulative roll bonding, cryogenic rolling, equal channel angular processing,
high pressure torsion and repetitive corrugation straightening. In the last couple of
decades, processing metals at cryogenic temperature has become a topic of interest
[4, 5]. Cryogenic rolling (CR) is considered favorable because the mechanical
properties of the bulk metals can be improved for industrial applications through
this means. It eliminates the need for large plastic deformation needed in most other
methods used in producing nanostructure in metals. In addition, this method helps
suppress dynamic recovery at cryogenic temperature and retains the deformation in
the strain hardened metal [6, 7].

Several studies on CR process has proven that it is a very productive technique
for producing ultrafine grain in aluminum and other metals with improved
mechanical properties verified via tensile, impact and hardness tests [8–11]. This
study examines the effect of CR and annealing time on the mechanical properties of
AA2519 Aluminum alloy. Samples of the CR 2519 alloys were tested in the
longitudinal, transverse and at 45° to the rolling direction.

Material and Experimental Method

The materials used in this study is AA2519 Aluminum alloy. The chemical com-
positions for the alloy is shown in Table 1. A Stanat rolling mill with a single roller
of diameter 50 mm was used for the cryogenic rolling.

Samples of dimensions 120 mm × 60 mm × 12 mm of the as received alloy
were solution heat treated at 535 °C in a Thermolyne electric furnace for 2 h to help
in the homogenization of the grain structure in order to produce equiaxed grains
followed by quenching in water. Unidirectional cryogenic rolling was conducted in
the longitudinal direction on the heat-treated samples by first immersing and
soaking samples in liquid nitrogen for about 20–30 min to ensure uniform

Table 1 Elemental composition of AA2519 aluminum alloy

Composition Al Cu Fe Mg Mn Si Ti V Zn Zr

%wt 91.5–93.8 5.3–6.4 0.3 0.05–0.4 0.1–0.5 0.25 0.02–0.1 0.05–0.15 0.1 0.1–0.25
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temperature along the cross section of the sample. The samples were then
cryo-rolled on the Stanat rolling mill. For subsequent passes, the samples were
re-immersed in liquid nitrogen for 5 min. The CR process was repeated till the
various percentage reductions in thickness (50, 60 and 75%) were obtained. After
50 and 60% reduction in thickness the samples were annealed for 3 min while for
75% reduction in thickness, the samples were annealed for 3, 6 and 9 min all in the
Thermolyne electric furnace and aged naturally at room temperature.

Tensile tests were conducted with rectangular tensile test specimens designed
according to ASTM E8 standard [12] with the dimensions given in Fig. 1. The
machined samples were tested on an Instron 5569A tensile testing machine. The
elongation was measured by the displacement of the cross-head.

Results and Discussion

Figure 2 shows the stress-strain curve for different percentage reduction in thick-
ness obtained via cryogenic rolling increases. The figure shows that the mechanical
property of the tested samples increase for the 60 and 75% reduction in thickness.
The increase in the tensile properties could be attributed to the increase in the
number of grain boundaries which help impede dislocation motion during plastic
deformation [13]. The tensile properties obtained after 50% reduction in thickness is
very similar to the values obtained in the as-received material. This increase was
more significant after 60% reduction in thickness with about 40 MPa increase in the
Ultimate tensile strength. Further increase is observed after 75% reduction in
thickness. The difference increases to about 55% above the value obtained in the
as-received material and 15 MPa above its value after 60% reduction in thickness.
This is based on the fact that as the reduction in thickness during cryogenic rolling
increases, the grains become more refined which leads to an increase in

Fig. 1 Geometry of the tensile test sample
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crystallographic misorientation of the grains. This serves as an impedance and
results in an increase in strength of the material [14, 15]. Secondly since there is
always atomic disorder within the grain boundary region, an increase in the number
of grain boundaries will facilitate pinning down the mobile dislocation causing
restriction to dislocation movement when it crosses grain boundaries. This is in
agreement with the Hall-Petch strengthening mechanism [16]. The figure also
shows a corresponding decrease in the ductility of the alloy as the percentage
reduction in thickness increases from 50 to 75%.

Figures 3, 4 and 5 show the stress-strain curves obtained for the tensile test
conducted on the samples that were cryo-rolled with 75% reduction in thickness.

Fig. 2 Effect of percentage
reduction in thickness on the
mechanical properties of the
alloy

Fig. 3 Stress-strain curve for
2519 Al alloy in the
longitudinal direction
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The plots shows the effects of flash annealing on the samples for 3, 6, and 9 min in
3 different directions. The annealing time was kept short to avoid appreciable grain
growth which might reverse the expected grain size of the alloy to the original size.
The directions considered include the longitudinal, transverse and 45° to the rolling
direction. The figures show that the anisotropic behavior of the alloy after unidi-
rectional cryogenic rolling. This can be attributed to the fact that the recovery
process, grain elongation and the emergence of fine precipitate within the Al matrix
have more significant impact in the longitudinal direction as seen in Fig. 3 than in
the other directions. Additionally, the grain size for the coarse grain in the
as-received material is usually distinctively larger than the grain size of the samples

Fig. 4 Stress-strain curve for 2519 Al alloy in the transverse direction

Fig. 5 Stress-strain curve for 2519 Al alloy samples cut at 45° to the rolling direction
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obtained after cryogenic rolling resulting in an increase the tensile properties of
alloy. The maximum UTS of 563.738 MPa was obtained in the longitudinal
direction after 3 min flash annealing. This results in an increase of 102.738 MPa
when compared to the UTS of the as-received material of 461 MPa. This is due to
the suppressed dislocation movement, hindered by additional grain boundaries
created during grain refinement produced by the annealing process carried out on
the specimen after suppressing dynamic recrystallization within the microstructure
of the alloy when it is rolled at cryogenic temperature. It can also be noted from the
figures that the ductility, toughness and the energy absorption capability of the alloy
before failure increases as the flash annealing time increases.

A comparison between Figs. 3 and 4 shows that the mechanical properties
changes more significantly in the longitudinal direction when compared to the
transverse direction. An example is the difference in the UTS between 3–6 min
annealing time; ranging from 444.23 to 495.15 MPa (approximately 10% increase)
in the transverse direction. This may be expected since the grain growth requires
lesser energy in the rolling direction during annealing and as such this path is
usually more favorable for grain growth. Primary grain elongation is usually along
the rolling direction and only minor contraction and expansion occurs in the
transverse direction as new equiaxed grains are formed within the grain at
the subgrain level [17]. The grain size is therefore not significantly influenced in the
transverse direction.

Figure 5 shows the stress strain curve for samples cut at 45° to the rolling
direction. In most cases especially at lower annealing time with lesser homoge-
nization, there is more significant variation in the YS showing that the YS is more
responsive to variation in grain size obtained since more elongated grains are
expected in the rolling direction. As the heat treatment time increases the grain
recrystallization commences and the level of homogenization thus increases leading
to the proximity seen in mechanical properties in all directions as the grain becomes
equiaxed and less lamellar in the longitudinal direction [17]. As annealing time
increases it is seen that the UTS between the longitudinal, 45° and transverse gets
closer because of the homogenization process. Also precipitate, disturbance in the
homogeneity of precipitate and recovery due to annealing dominate over precipitate
hardening and softening due to recrystallization effect and this supersedes the
softening due to recovery.

Conclusions

In this study, the mechanical properties of cryo-rolled 2519 Al alloys in the lon-
gitudinal, 45° and in the transverse direction were examined as a function of the
percentage reduction in thickness and annealing time. Based on the results obtained
from this study, the following conclusions were drawn.
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a. The YS and UTS of cryo-rolled 2519 Al alloy increase with increase in per-
centage reduction in thickness while there is a corresponding decrease in
ductility.

b. Ductility of the cryo-rolled 2519 Al alloy increases as the flash annealing of the
alloy increases for the 75% reduction in thickness.

c. The mechanical properties of 2519 Al alloy can be increased significantly
through cryogenic rolling with an increase of approximately 100 MPa in the in
UTS and YS in the longitudinal direction when compared to other directions
(transverse and 45°).
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