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Preface

By now, magnesium alloys have become an integral part of our daily life improving its
quality. From spectacular entrance as fireworks in festive moments, this material has gained
ground as a strong contender to steels, Al and Ti alloys, polymers and composites in light-
weight mobility, biomedical, and energy sectors. Its unique properties address many
demanding challenges of modern society including the reduction of carbon footprint and
building of circular economies. Such properties include low density, making Mg the lightest
structural metal, excellent capacity for vibration damping and electromagnetic shielding,
perfect biocompatibility along with bio-resorbability, and many others. At the same time,
real-life applications of magnesium demand overcoming significant challenges in end-product
fabrication technologies and tailoring performance characteristics. Such demands are relevant
to rather limited primary supply sources, alloying capacity and technological plasticity, often
excessive chemical reactivity, creep properties, and closed-loop recycling. Therefore, many
prominent researchers in academia, industrial engineers, and economists, as well as state
policy makers are involved in the very dynamic area of magnesium technology development
globally.

This proceedings volume, which is the 19th annual volume of papers on all aspects of basic
research, simulation, and magnesium technology development, reflects the worldwide efforts
and latest advancements in all aspects of magnesium research. In line with long-standing
tradition, the proceedings consist of papers from all oral and selected poster presenters in the
Magnesium Technology Symposium as well as from Magnesium Alloy Development:
An LMD Symposium in Honor of Karl Kainer, both held during the 147th TMS Annual
Meeting & Exhibition in Phoenix, Arizona, USA, March 11–15, 2018. All papers in this
compilation were peer-reviewed by experts in the fields of magnesium and lightweight metals
development, characterization, and simulation.

The lectures contributed by researchers and engineers from 17 countries were nominally
split for presentation during the meeting into 11 sessions including a Keynote and a unique
Poster-pitch sessions. These were arranged in accordance with the material lifecycle including
environmental challenges and sustainability. Starting from primary Mg extraction, alloy
development, casting, and solidification, the session topics further covered thermo-mechanical
processing; deformation mechanisms and mechanical behavior; applications in biomedical,
energy, and mobility sectors; and finally degradation and recycling. Magnesium Alloy
Development: An LMD Symposium in Honor of Karl Kainer had three sessions additionally.

The volume also includes papers and expert commentaries from renowned leaders in
various areas of magnesium technology development presented as keynote lectures. The
symposium was opened by Prof. Dr. Karl Ulrich Kainer, Director of Magnesium Innovation
Centre (MagIC) at Helmholtz-Zentrum Geesthacht who presented his vision on “Magnesium
Alloys: Challenges and Achievements in Controlling Performance, and Future Application
Perspectives.” This was followed by other distinguished keynote speakers including Professor
and Head of the Laboratory for Multiscale Mechanics Modeling at École Polytechnique
Fédérale de Lausanne (EPFL), Prof. William A. Curtin who presented a talk on
“Solute/Stacking Fault Energies in Mg and Implications for Ductility.” Prof. Nick Birbilis,
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Woodside Innovation Chair, Professor and Head of the Department of Materials Science and
Engineering at Monash University presented an overview on “Recent Developments in
Magnesium Alloy Corrosion Research,” and Prof. Dr. Mikhail Zheludkevich, Head of
Department of Corrosion and Surface Technology at Magnesium Innovation Centre (MagIC),
Helmholtz-Zentrum Geesthacht, gave a talk “Towards Active Corrosion Protection of Mg
Alloys Using Corrosion Inhibition Approaches,” closing the Keynote session. Invited speakers
from Japan opened following sessions having more specific focuses with lectures “Study on
Metal Smelting Process under Microwave Irradiation” by Prof. Satoshi Fujii (Tokyo Institute
of Technology) and “Material Design for Enhancing Toughness of Mg Alloy and Application
for Biodegradable Devices” by Prof. Toshiji Mukai (Kobe University).

Magnesium Alloy Development: An LMD Symposium in Honor of Karl Kainer was
organized by Norbert Hort (Magnesium Innovation Centre MagIC within the Helmholtz-
Zentrum Geesthacht) and Alan Luo (Ohio State University). There were 30 presentations
including 4 keynote lectures: “Solutions for Next Generation Automotive Lightweight Con-
cepts Based on Material Selection and Functional Integration” by Horst E. Friedrich, Elmar
Beeh, and Carmen S Roider; “Recent Developments in the Application of the Interdependence
Model of Grain Formation and Refinement” by David St John; “Magnesium Pistons in Engines:
Fiction or Fact?” by Norbert Hort, Hajo Dieringa, and Karl Ulrich Kainer; and “Degradable
Magnesium Implants—Assessment of the Current Situation” by Regine Willumeit-Roemer,
Nezha Ahmad Agha, Berengere Luthringer.

Last but not least, the 2017–2018 Magnesium Committee expresses deep appreciation to all
authors for contributing to the success of the symposia, our panel of distinguished keynote
speakers for sharing their valuable thoughts on most recent achievements in the area and the
future of magnesium technology, the reviewers for their hard work in reviewing the manu-
scripts, the session chairs, judges, TMS staff members, and other volunteers for their
impeccable support.

Dmytro Orlov, Chair
Vineet Joshi, Vice Chair

Kiran N. Solanki, Past Chair
Neale R. Neelameggham, Advisor
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Mg Alloys: Challenges and Achievements
in Controlling Performance, and Future
Application Perspectives

Hajo Dieringa, Norbert Hort, Dietmar Letzig, Jan Bohlen,
Daniel Höche, Carsten Blawert, Mikhail Zheludkevich,
and Karl Ulrich Kainer

Abstract
In recent years, Mg alloys have made inroads into
applications for transport industries. The favorable prop-
erty profile of Mg promotes increased usage. Despite
magnesium alloys being used for years, there is still a lack
of knowledge about the potential of Mg alloys. New or
optimized alloys and processes are creating new ideas for
substituting traditional materials. High-pressure
die-casting (HPDC) is the predominant technology, while
other casting and wrought processes are of secondary
importance. Developments in the last decade have led to
an improvement of the property profile and effectiveness
of magnesium wrought alloys. Additive manufacturing
has opened new opportunities for tailoring of the property
profile and functionality. In addition, Mg as material for
battery anodes adds a new field of application in the
energy sector. This presentation will provide an overview
of the status of modern process and alloy development,
and discuss the challenges to extending the use of
magnesium alloys in various applications.

Keywords
Wrought and cast alloys � Biomaterials � Creep
Corrosion � Battery � Coating � Nanocomposite

Introduction

Over the last decade the areas of application for magnesium
alloys have expanded considerably, because the economic
pressures to build vehicles and aircraft more easily have
risen sharply. This applies to casting alloys for which the
trend towards higher application temperatures is still a

driver. The reduction of flammability by adding special
alloying elements is also a relevant topic. The banning of
SF6 by EU regulations has prompted the development of an
alternative protective gas. In the case of wrought alloys the
trend is towards magnesium sheets, but their production
must become cheaper in order to enter the market. Further-
more, fundamental topics such as optimization of the
deformation behavior during rolling and the deep-drawing
capability of the sheet metal require further investigation.
Some applications for magnesium sheets in the automotive
industry have already been successfully introduced. Corro-
sion resistance and the question of coating are important
considerations, especially for sheet metal. However, this also
applies to all magnesium applications. New topics such as
magnesium-based nanocomposites broaden the possible
fields of application. Degradable implants for surgical uses
are important considerations in the development of new
alloys under completely different conditions from those of
the automotive industry. Magnesium-based batteries will
also gain importance in the future because of their low
weight and very good energy density.

Wrought Alloys

For enhanced, lightweight performance in industrial appli-
cations the use of wrought magnesium is an obvious choice.
The challenge in hand is the initial low formability of
magnesium and its alloys compared to other material classes,
especially steels. The prospect focuses on the property
development of magnesium sheets and extrusions as
semi-finished products for the production of formed parts
and profiles by massive forming processes [1].

Conventional wrought magnesium alloy sheets, such as
of the alloy AZ31, exhibit comparably poor formability. The
formation of strong textures with a typical strong alignment
of basal planes parallel to the sheet plane, a basal texture, has
been identified as the main obstacle to improved formability
[2, 3]. In a simple approach such textures limit the ability for
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strain accommodation by basal slip and therefore limit the
ability for work hardening of the sheets as well [4]. There-
fore, changing the distinct textures by way of texture
weakening or a qualitative texture change by tilting the basal
planes out of the forming direction is expected to improve
forming properties for further processing. This would mean
higher ductility even at room temperature as well as
improved formability could be achieved [3].

One major finding in the last two decades is that
microstructure and texture development during sheet rolling
is distinctly influenced by using alloy modifications with
specific alloying elements, i.e. the addition of RE elements.
Multifold approaches have been used to explain the corre-
sponding texture changes [5]. This includes discussions on
variations of activity in deformation mechanisms, mainly
changes to the contributions of slip modes and their influ-
ence on orientation changes, but also different types of twin
activities and other inhomogeneous deformation mecha-
nisms such as shear bands [4, 6–8]. Furthermore, changes to
recrystallization behavior have been addressed [9, 10].
Growth restrictions of grains due to boundary pinning effects
can be associated with the presence of solute RE or pre-
cipitates with RE and these allow changes to the growth of
grains with different orientations. Such sheets, also in a
combination of RE and Zn, are more favorable for enhanced
forming operations. An example of this improvement is
illustrated in Fig. 1, where the temperature dependence of
two magnesium sheet alloys, AZ31 and ZE10, is shown for
various temperatures. At all temperatures studied, an
increase in the formability is visible. Especially the stretch
formability, visible on the right hand side of the forming
limit diagram, is increased in ZE10 compared to AZ31.
Similar textures and therefore improved formability can also
be achieved with Ca [11, 12] instead of RE. Additional

alloying elements such as Zn or Mn can have a further effect
on the texture formation, as illustrated by the examples in
Fig. 2.

TRC-Twin Roll Casting

In the case of sheet materials, it is recognized that the
feedstock for a warm-rolling process needs to have the form
of thin bands, such as those produced by twin roll casting, if
thin magnesium sheets are to become competitive industrial
products [13]. For this reason, HZG installed the twin roll
caster shown in Fig. 3.

The twin roll casting line consists of a furnace
(Striko-Westofen) and a twin roll caster (Novelis, Jumbo
3CM). The twin roll caster is designed to produce thin strips
of magnesium with a maximum width of 650 mm and a
thickness in the range 4–12 mm and a maximum rolling
speed of 6 m/min. The furnace line is configured to allow
manual loading of raw materials in ingots and the possibility
to vary the alloy composition, i.e. cast strips can be made
from different alloys. The furnace line includes an ingot
pre-heater to remove humidity from the ingots and accelerate
fusion in the melting furnace. After pre-heating, the feed-
stock is transferred to the melting furnace. A second transfer
device conveys the molten metal to the cleaning furnace.
From the cleaning furnace the melt is transferred to the
head-box which is connected to the tip. The liquid metal
flows by gravity through the tip into the gap of the rolls of
the twin roll caster. The metal exiting the tip solidifies on the
rolls into a strip that is further deformed by the rolls.
Important features of the strip, such as microstructure and
texture, are influenced by the position of the solidification
front. The position of the solidification front is controlled
mainly by the melt temperature, the height of the rolling gap
and the strip speed. Its position influences the degree of
deformation in the strip. If the solidification front is located
at the exit of the tip, the degree of deformation increases,
because the strip is fully solid before entering the rolls. If the
solidification front moves to the kissing point of the rolls, the
strip is not completely solid and the degree of solid-state
deformation is reduced.

The simultaneous development of new wrought alloys
such as aluminum-free Mg-alloys containing rare-earth ele-
ments (RE) and the magnesium twin roll casting
(TRC) process has permitted the production of high strength
magnesium sheet with good formability at moderate tem-
peratures. This new Mg-Zn-RE alloy was developed and
tested: Zn was used to confer improved strength properties,
while the RE-element additions enable the development of a
weak non-basal texture of the rolled sheets, which is
favorable for good formability [14]. By using the TRC
process, the alloy was cast into strips of 5.6 mm thickness

Fig. 1 Temperature dependence of formability of two magnesium
alloy sheets (in accordance with [3])
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and 300 mm width. Prior to rolling the strips were homog-
enized for 16 h at 400 °C. The rolling procedure was carried
out at a sheet temperature of 400 °C and initially included
four passes with a degree of deformation u of 0.1 each. In
the second stage, three additional passes with u = 0.2 were
applied, resulting in a final gauge of 2 mm. Between each
pass the sheets were intermediately annealed at the rolling
temperature for 20 min to maintain the rolling temperature.
For further processing the sheets were heat treated for 1 h at
400 °C and then formed into the final shape by a deep
drawing procedure.

The twin roll cast strip shows a homogeneous
microstructure with slightly squeezed equiaxed grains. An
average grain size of 20 lm was determined by means of the
line intersection method. Clear centerline segregation was
revealed, as well as numerous precipitates located especially
at the grain boundaries. Figure 4 compares the microstruc-
tures of AZ31 and the Mg-Zn-RE alloy alloys. The AZ31

strip exhibits coarse and a partially columnar microstructure.
Conversely, the fine-grained microstructure of the
Mg-Zn-RE alloy strip is favorable for good rollability. The
homogenization treatment did not affect grain sizes, but
allows for resolving the precipitates at the grain boundaries.
After subsequent rolling the Mg-Zn-RE alloy sheets exhibit
a typical deformed microstructure with squeezed grains,
twins and intermetallic phases that mostly consist of small
particles aligned with the rolling direction (RD). The
homogenizing heat treatment for 30 min at 400 °C leads to a
recrystallized microstructure with an average grain size of
approximately 10 lm.

Throughout the process, the texture of the strips and
sheets develops from a broad and weak texture, with com-
ponents in transverse direction (TD) of the strips with
maximum intensity of (002) pole figure of 2.8 m.r.d., to a
typical RE-texture of similar intensity. The basal pole figure
exhibits two poles towards the TD and a pronounced TD

(a) ZX10 (b) ZMX100 (c) MX20

Fig. 2 Microstructure and corresponding texture of magnesium alloy sheets containing Ca [11]
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Fig. 3 Twin roll casting equipment at HZG
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component. The comparative mechanical properties of AZ31
and the Mg-Zn-RE alloy sheets are listed in Table 1. First of
all it should be noted that the Mg-Zn-RE alloy exhibits, both
in RD and TD, significantly higher elongations compared to
those of AZ31 alloy. Moreover, it is also worth noting that
the yield stress of the Mg-Zn-RE alloy sheets is higher in RD

than in TD, which can be attributed to the typical
RE-texture, with a spread of the basal poles towards TD [4].

The global aim of one actual project at the HZG is the
development of Mg sheet materials containing calcium and
free of rare earth elements with advantageous properties via
the twin roll casting process, which are currently only pos-
sible with alloys containing rare earth elements.

The results of this project has shown that Ca additions in
the TRC strip leads to significant advantages in terms of
formability and strength of the sheets. These new alloys
form a very fine grained and homogeneous microstructure
free of local deformed areas after rolling. The texture of
these Zn-based (RE-free) sheets is similar to conventionally
rolled ZE10 sheets. Thanks to these properties the new
alloys boast a high formability and a good strength [15].

Extrusion

Feasibility of the extrusion of magnesium alloys to profiles
has been shown in many application-driven works. This
well-established forming technology allows the production
of long shaped profiles with uniform cross-sections.
Achievements with respect to R&D on magnesium alloys
focuses on improvement of mechanical properties and
therefore develops in a similar way to that described above
for magnesium alloy sheets. The extrusion process is used to
identify the behavior of new alloy compositions by their
microstructure and texture development as well as their
related mechanical properties. In this context extrusion
alloys that contain RE elements are certainly of interest,
because they have different behaviors compared to conven-
tional alloys [8, 10]. Ductility can be increased and the yield
asymmetry in tension and compression be lowered signifi-
cantly, due to the texture weakening in those alloys. An
example is shown in Fig. 5.

Extrusion is also considered a possibility for improving
the microstructures of extrudates by process-related grain
refining, resulting in an increase of the strength and ductility
of extrudates compared to their cast counterparts. This
process is conducted as a single-step deformation with
a resulting microstructure based on dynamic
thermo-mechanical processes. Processing limits are based on
the capacity of the respective press, with a tendency of the
alloy to show brittle behavior on the one hand and incipient
melting (hot cracking) on the other [16].

Creep Resistant Alloys

For HPDC,magnesium alloys are used that contain 4–10 wt%
of aluminum and other elements. These alloys show good
room temperature properties, corrosion resistance, castability

Fig. 4 a Coarse microstructure of the twin roll cast AZ31 strip with
columnar structures near the surfaces and an equiaxed area in the center
of the strip. b Fine grained microstructure of the twin roll cast
Mg-Zn-RE alloy strip with local centerline segregation. Both strips are
shown in the as-cast condition

Table 1 Mechanical properties of twin roll cast sheets of AZ31 and
Mg-Zn-RE

Alloy AZ31 Mg-Zn-RE

Directiona RD TD RD TD

TYS [MPa] 130 176 174 122

UTS [MPa] 276 266 238 221

Elongation [%] 12 11 26 33
a RD rolling direction, TD transverse direction
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and machinability, but when exposed to the higher tempera-
tures of an engine or gearbox housing, they suffer from creep
susceptibility. Only HPDC is cost efficient for mass produc-
tion and therefore alloys are needed that withstand stresses at
higher temperatures, but at the same time can be die cast.
During solidification a Mg–Al b-phase Mg17Al12 forms,
which is responsible for the moderate creep resistance and its
weakening at higher temperatures [18]. For high-temperature
applications special alloys are thereby developed that are
Al-free, to avoid the b-phase. However, alloys that contain
aluminum have been developed with additional alloying ele-
ments, which prefer to precipitate with aluminum during
solidification; reducing the amount of b-phase and additional
precipitates form that strengthen the alloys.

Al-free alloys were developed for sand casting and per-
manent mold casting. One of these is AM-SC1, a heat
treatable, aluminum-free magnesium alloy for application in
automotive engine blocks [19]. As described in the patent

[20] it contains in wt% 1.4–1.9 Nd, 0.8–1.2 rare earth ele-
ments other than Nd, 0.4–0.7 Zn, 0.3–1.0 Zr, 0–0.3 Mn, and
0–0.1 oxidation-inhibiting elements. In creep tests the alloy
has shown excellent creep resistance, which can be attrib-
uted to a combination of thermally stable precipitates at the
grain boundary, with triple point and fine dispersed precip-
itates at the grain boundary dislocations. Diffusion controlled
creep seems to be the rate-controlling deformation
mechanism.

Gibson et al. developed an improved HPDC alloy
AM-HP2 for power train applications [21, 22]. It does not
contain aluminum, but 3.5% rare earth elements (Ce, La, and
Nd) and 0.5% zinc [23]. It was found that AM-HP2 has a
higher yield strength than the Al alloy A380, but its ductility
is relatively low. This effect is true for several creep resistant
magnesium alloys, e.g. MRI230D. In creep tests at 150 and
175 °C, AM-HP2 also proved its creep strength is compa-
rable to that of A380.

Gavras et al. found [24] that additions of neodymium,
yttrium or gadolinium to Mg–La alloys result in a different
creep response up to an addition of 0.2 wt%. Ternary alloys
containing Gd and Y had an order of magnitude lower
minimum creep rate compared to alloys containing Nd. After
microstructure investigation it was found that the most
important influence on creep resistance was achieved by the
ability of the alloy to develop fine dispersed precipitates.

Barium as an alloying element for magnesium alloys has
rarely been used. In combination with aluminum and cal-
cium it promises good solid solution strengthening, because
its atomic radius is 1.36 times larger than that of magnesium.
Binary phases of barium with aluminum and magnesium are
known, which promise to act as precipitates for Orowan
strengthening. The alloy DieMag422 containing 4 wt% Al,
2 wt% Ba and 2 wt% Ca was cast in a direct chill process.
Compressive creep tests were performed at temperatures
between 150 and 240 °C at constant stresses between 60 and
120 MPa [25]. For comparison, creep resistant magnesium
alloys AE42 (4 wt% Al and 2 wt% rare earths) and
MRI230D (7 wt% Al, 0.3 wt% Mn, 2.1 wt% Ca, 0.5 wt%
Sn and 0.3 wt% Sr) were chosen. Figure 6 shows the creep
curves of tests performed at 200 °C and 60 MPa. The
minimum creep rate of DieMag422 is nearly one order of
magnitude lower than the one of MRI230D.

Three different HPDC alloys containing Ba with a nom-
inal constant aluminum/barium/calcium weight ratio of 2:1:1
were die cast in a 250-tonne Toshiba cold chamber with
HPDC and were subsequently tested in terms of creep
resistance at 200 °C (Fig. 7) and mechanical properties at
RT and 150 °C (Table 2) [26]. The alloys showed good
castability, excellent creep resistance and high temperature
strength.

0,00 0,05 0,10 0,15 0,20 0,25 0,30 0,35 0,40
0

100

200

300

400

500
Tr

ue
 S

tre
ss

 [M
Pa

]

true strain

 tension
 compression

 tension
 compression

(a) M1 at 10 m/min

0,00 0,05 0,10 0,15 0,20 0,25 0,30 0,35 0,40
0

100

200

300

400

500

Tr
ue

 S
tre

ss
 [M

Pa
]

true strain

(b) MN11 at 10 m/min

Fig. 5 Mechanical properties of extruded bars after indirect extrusion at
10 m/min; a alloy M1, b experimental alloy MN11 containing Nd [17]
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Mg-Based Nanocomposites

The main reason for an increase in research into and con-
sequently publications about light alloy based metal matrix
nanocomposites (MMNCs) is the significantly reduced price
of nanoparticles. Figure 8 shows the increased number of
publications in Web of Science on “magnesium” and
“nanocomposites” over the last two decades. It is an
advantage that a smaller amount is needed to improve
mechanical properties compared to micron-sized particles.
The reason for this is the much higher interparticle spacing
between large particles. Only a very small distance between
particles is able to achieve Orowan strengthening and this is
best attained with randomly distributed particles of sizes

between 50 and 200 nm. An increase in strength due to
Orowan strengthening is therefore inversely proportional to
the mean free path between particles.

Orowan strengthening is assumed to be responsible for
the increase in yield strength in metal matrix nanocompos-
ites (MMNCs). The reason for this strength increase is the
resistance of hard second phase particles to the movement of
dislocations through a matrix alloy. Zhang and Chen pro-
posed a description for the Orowan contribution DrOR to
strengthening [27] given by the following equation Eq. 1:

DrOR ¼ 0:13bGm

k
ln
dp
2b

ð1Þ

where k ¼ dp
1

2Vp

� �1=3

�1

" #
ð2Þ

Vp is the volume fraction of nanoparticles, Gm is the shear
modulus of the matrix alloy, dp is the average diameter of
the nanoparticles, and b the Burgers vector of the matrix.

Grain refinement or Hall-Petch strengthening positively
influences the mechanical properties of MMNCs. Figure 9
shows micrographs of an AM60 and an AM60+ 1wt% AlN
nanoparticle MMNC [28]. Grain size is significantly refined
from 1277 to 85 µm and the tensile yield strength is
improved from 44.9 to 91.2 MPa by reinforcing the AM60
with AlN nanoparticles. Nanoparticles were added under
ultrasound-assisted stirring. Cavitation is helpful to
de-agglomerate particle clusters and acoustic streaming
facilitates a convection of the melt, transporting the released
particles.

Fig. 6 Compression creep curves of AE42, MRI230D, and Die-
Mag422 from tests at 200 °C and 60 MPa

Fig. 7 Plots of creep rate as a function of applied stress with resulting
stress exponents n

Fig. 8 Number of publications in WoS on “magnesium” and
“nanocomposite”
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Corrosion and Corrosion Protection

Magnesium is the most electronegative metal used for
structural applications. This fact explains the high thermo-
dynamic driving force of Mg metal to corrode when exposed
to a corrosive environment. However, when the metal is
relatively free of impurities and is used in less aggressive
environments it can stay reasonably passive. The main
concern for the corrosion resistance of Mg alloys is related to
heavy metal impurities, which can be introduced during the
primary alloy production or by subsequent forming steps.
The latter can be addressed by the development of proper
cleaning treatments to remove surface contaminations. Bulk
contamination within the alloys is more difficult to deal with
and the best way is to prevent them by producing alloys with
contamination levels below the well-known tolerance limits.
Properly produced Mg alloys normally show reasonable to
good corrosion resistance. Alloying elements with lower
electrochemical potential differences and/or good passive
film formation abilities are preferred (e.g. Al, RE elements)
due to internal micro-galvanic corrosion issues between
intermetallic phases and the Mg matrix.

There are only a few coating systems for magnesium that
have reached commercial and industrial interest in recent
decades. In common with many other metallic coating sys-
tems, the main strategy is to develop a high barrier layer
against corrosive environments while maintaining good
adhesion of the coating to the metal substrate. To promote
adhesion with paint systems the most relevant are conversion
and anodizing treatments. These treatments normally consist
of several steps that includes cleaning, etching (activation),

conversion or anodizing prior to the final paint application.
The latter is normally a multi-layer solution as shown in
Fig. 10. In the case of multi-material structures, such as a car
body, special care is needed to protect magnesium from
galvanic corrosion (coating thickness, number of layers,
sealing of all the joint areas and constructive measures).
Ideally the Mg parts are electrically decoupled from other
metallic components, because during use the barrier pro-
tection layers are often disrupted, opening a path for strong
galvanic corrosion attack. However, in most of the cases the
current joining technologies do not offer full insulation.

The surface treatment of Mg alloys sometimes requires
special attention during the different treatment steps. This
will be addressed in the following section:

• Cleaning and etching

Various commercial or experimental solutions are avail-
able and these do the job. Degreasing is normally done in
alkaline solutions. Problems can arise due to severe con-
tamination from production lubricants (especially during
wrought processing), but also from different alloy qualities
regarding the impurity levels. Therefore sufficient material
has to be removed and that can only be guaranteed when
acidic etching solutions are applied.

• Conversion coatings

Nowadays, several Cr(VI)-free alternatives are available:
e.g. Bonderite products (Henkel)

Magpass (AHC),
Gardobond and Oxsilan products (Chemetall)

Table 2 Mechanical properties
of HPDC alloys containing
barium [26]

Alloy Hardness [HV5] RT 150 °C

YS [MPa] UTS [MPa] YS [MPa] UTS [MPa]

DieMag211 54.1 ± 2.4 140.6 165.9 111.5 144.0

DieMag422 73.3 ± 4.3 172.6 196.9 142.6 182.1

DieMag633 85.3 ± 9.7 202.6 229.6 160.0 196.1

Fig. 9 Microstructure of
a AM60, and b AM60 + AlN
[28]
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They are used to provide temporary corrosion protection
or as pretreatment for paint applications. The chromate-free
alternatives often require a better and more uniform cleaning
and etching, because they are less fault-tolerant than the old
chromate treatments. In combination with powder and KTL
paints, the new conversion coatings offer good corrosion
resistance.

• Anodizing

By contrast to conversion treatments, the surface is
modified by applying an electrical current, converting the
surface into ceramic like films with and without the help of
spark discharges as in the case of Plasma Electrolytic Oxi-
dation (PEO).

Several companies do offer commercial PEO treatments
(Keronite, AHC, Tagnite, Henkel, Chemetall (AMTS)) but
there is not much transparency regarding the processing
parameters used and treatment baths.

As open porosity is related to the PEO process the
coatings do not offer long-term corrosion protection, espe-
cially in cases of galvanic corrosion. Notwithstanding, open
porosity gives them excellent adhesion for coating systems
and migration under the paint is reduced by a large degree
compared to conversion coatings.

• Paint systems

State-of-the-art are conversion coatings for promoting
adhesion with a multi-layer paint solution. Magnesium
components in automotive applications require protection by
paint systems if they are to pass through conventional
phosphate baths together with aluminum or steel compo-
nents. The result is a multi-layer system as shown in Fig. 10.

Up to the powder coating, the layer system is specific for Mg
and the rest is the same for the other metals. This protection
is comparable to other materials used in automotive industry,
but galvanic corrosion issues still require special care,
mainly in the design, additional sealing and/or coating
selection.

Considering the variety of potential applications of
Mg-based materials, passive corrosion protection approaches
are not always sufficient, especially when barrier coatings
suffer from premature failure as a result of strong mechanical
or environmental impacts. The introduction of corrosion
inhibitors into the coating system is a promising solution in
this case, offering increased fault tolerance and adding an
active corrosion protection for defects [29]. Recently a new
class of corrosion inhibitors for Mg alloys was discovered.
Their main inhibition mechanism is based on complexation
of cations originated from the nobler impurities present in
the alloy and reducing in turn the negative effect of these
impurities [30]. Thus further development of strategies for
proper introduction of new corrosion inhibitors into protec-
tive coating schemes becomes an indispensable duty.

Mg Biomaterials

Magnesium is an essential element for the human body and a
well-balanced system controls its intake and excretion. One
apparent disadvantage of Mg and its alloys, poor corrosion
behavior, is actually a tremendous advantage when it comes
to degradable implant materials. This advantage was dis-
covered more than a century ago, when an American sur-
geon, E. C. Huse, used Mg wires to block bleeding vessels in
1878 [32]. In the following decades, further research took
place, mainly in Europe, and the first implants were

Fig. 10 Typical paint system,
comparison of performance and
joining to other metals for AZ31
sheet (results from project “M3—
Mobil mit Magnesium”) [31]
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developed and even tested in humans. F. Witte reported the
beginnings and further development until 2010 in his review
paper [33]. However, Mg reacts with aqueous body fluids
and every gram of Mg basically generates around a liter of
hydrogen gas. Fast degradation and gas formation was also
observed in the early days of Mg implants and still can be a
problem. In the early decades of the 20th century stainless
steels and Co–Cr alloys were also developed and tested as
implant materials and were favored [34]. It took almost
70 years before Mg and its alloys again gained interest as
biodegradable implant materials.

Properties result from the microstructure. Microstructure
is a result of the combination of alloying elements and
processing. Processing also includes the ultimate steps with
regard to surface conditioning. This means that in the first
proper alloying, the elements have to be selected. To pro-
duce an alloy, melting and casting are the first steps and the
alloying elements already have impact on it. In the steps that
follow, wrought processes like extrusion, rolling, forging
etc. are applied, often in combination with heat treatments.
Again, the alloying elements used have an impact on these
processing steps and the processing has an influence over the
microstructure.

Today almost any alloy composition is under investiga-
tion. Quite often, researchers claim their alloy could be used
as degradable implant material simply because it is based on
magnesium. Mechanical tests are performed, as well as
simple corrosion tests, and in conclusion most magnesium
based materials are declared suitable. However, this sim-
plistic approach is not appropriate. Prior to this, all the
alloying elements in combination with the matrix and also
intermetallic phases should be tested for their suitability.
With respect to biological performance, only a few elements
remain viable as alloying elements (Fig. 11). However, even
Al is often among the alloying elements for degradable
implants, with disregard to the fact that it may be responsible
for Alzheimer’s disease, and other elements are also under
discussion. It remains unclear what elements in what amount

should be used to achieve the required properties and
biocompatibility.

Quite often it is mentioned that degradation of Mg and its
alloys is too fast. Comparing the requirements of a stent and
a bone implant for a child makes it clear that no general
statement can be applied. A stent with a strut thickness of
150–200 µm has to resist corrosion for minimum of six
months. A bone implant for children has a thickness ranging
around 1 mm and can disappear completely after a few
weeks. Clearly when the same material is used for both
applications we can assume it will fail for one of the
applications. A similar comparison can be made for strength
and ductility. A stent is first crimped on the catheter (com-
pressive loading), applied to the appropriate place in the
vessel and then inflated by the catheter (tensile loading).
A bone implant may be bent to fit the bone. However, the
mechanical requirements for the stent material are much
more demanding than those for the bone implant. It is
obviously necessary to develop different alloys for these
different applications. When a fast degrading material must
serve in an environment where a slow degradation is in fact
necessary, perhaps degradable coatings are a solution.

For the testing of implant materials, the ISO 10993 set
entails a series of standards (parts 1–20) for evaluating the
biocompatibility of medical devices. Unfortunately, this
series of standards is not designed for degradable materials
and in particular for magnesium and its alloys. Some tests
lead to false results and based on them it could be concluded
that Mg is not a suitable implant material. Therefore, testing
methods need to be adapted to fulfill the requirements of a
degradable metallic system. Even when tremendous progress
can be observed over the years, proper testing of magnesium
alloys as degradable implant materials is still a challenge.

Today there are two CE certified applications on the
market. Syntellix achieved the CE mark in 2013 for its
Hallux Valgus screw (Magnezix®) and derived a family of
products from this [35]. Biotronik also achieved a CE cer-
tificate for their Magmaris® stent in 2016 [36]. Interestingly,

Fig. 11 Alloying elements for
Mg based implants
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both implants are based on Mg-Y-RE (WE) alloys, but serve
in two different applications.

Mg Batteries

Nowadays the development of long-lasting, green energy
storage devices is a topic with high social impact. Innovative
technologies and the electrification of daily life demand
reliable and efficient power sources that are ecologically
harmless, yet cost-effective. In this context batteries based on
Mg might offer a promising future alternative to conven-
tional Li systems [37–41]. They have greater power storage
capacity, a few times more than the best performing Li-ion
battery. For example, the theoretical volumetric capacity of
magnesium metal anodes is 3833 mAh cm−3, about four
times greater than typical graphite anode in a Li-ion battery.
Unfortunately, the commercialization of Mg-based energy
storage devices is very limited due to self-corrosion issues of
anode materials for primary (aqueous) cells or lacking
electrolytes in cases of rechargeable batteries. Additional
research progress on stable working cathode materials is
required as well, since existing systems are not capable or
not adapted to Mg.

Nevertheless, there are some success stories available.
Back in 1943 water-activated silver chloride/Mg battery was
commercially accessible [42] however, it felt out of favor
due to its costs compared with nickel-metal hybrid and
lithium batteries. Such aqueous primary Mg batteries have
several advantages for marine applications and are in use, for
example, in rescue systems or for underwater vehicles [43,
44]. To become a more applicable battery alternative, a
stable battery voltage and discharge behavior has to be
achieved. A controlled degradation of the Mg anode surface
and release of Mg2+ ions are required. One approach is
alloying. Very recently Chinese scientists started undertak-
ing a more dedicated search for different magnesium alloys
as enhanced anodes [45, 46]. Another concept is based on
the control of self-corrosion of anodes via electrolyte addi-
tives [47]. All these strategies need to be further developed
and performance limits are still yet to be defined.

Secondary Mg batteries are of greater interest.
Rechargebale Mg cells might become a real competitor to Li
systems. Recently research progress for suitable electrolytes
was achieved. Two novel systems were developed. The first
relies on the Mg–S system, which is stable until 3.9 V and is
based on modified complexants [48]. In the second the
electrolyte is based on weakly coordinated Mg salts. It is free
of chlorides and even stable in air [49]. However, an
applicable full cell does not exist yet. In particular cathode
development is required. For example, intercalation based
cathodes [50], for Mg–Li hybrids need to be further explored
[51], and well-functioning cathodes for the Mg–sulfur

system established [52]. The very attractive Mg-air system is
also a focus of research [53]. In this case the interaction of
advanced Mg-based anode materials with oxygen in a
non-aqueous electrolyte needs to be understood.

Not only is the economical aspect, but also the ecological
aspect an issue for all systems. For processing of battery and
electrodes alike, consideration of the up-scaling aspects needs
to be developed and improved [54]. Other aspects that must be
considered include critical raw materials [55, 56] the possi-
bility of toxicity [57, 58] and the entire eco-balance [59, 60]
including life-cycle-analysis [61]. Generally speaking, there is
still much research and development for all battery compo-
nents required. Anode development and the related material
functionalization and design, adaption of e.g. ionic liquids or
electrolyte additives with advanced cell design might enable
this technology. Industrial transfer might become possible in
niche applications, which have a tailored power-consumption
requirement profile, such as marine technologies.

Conclusions

Although there are many new developments and research
projects in the field of magnesium-based materials, there is a
lack of implementation in the market. The automotive
industry is only partially prepared to break new ground,
because well-trodden paths are always easier to follow. This
can only be changed by intensive work, e.g. in the field of
magnesium sheets. Potential medical applications of mag-
nesium alloys as biodegradable implants are very challeng-
ing. Much of the work of physicians and materials scientists
still remains to be done in this respect. Overall, it can be said
that the potential of magnesium materials is still not fully
exploited and there is probably a need for even greater cost
pressure in order to bring more applications to market.
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Solute/Stacking Fault Energies in Mg
and Implications for Ductility

Binglun Yin, Zhaoxuan Wu, and W. A. Curtin

Abstract
Mg is the lightest structural metal but pure Mg has low
ductility due to strong plastic anisotropy and to a
transition of <c+a> pyramidal dislocations to a sessile
basal-oriented structure [1]. Alloying generally improves
ductility, but the mechanisms of the enhancement are not
yet known. Mg-3 wt% RE (RE = Y, Tb, Dy, Ho, Er)
show high ductility [2], as compared to most commercial
Mg–Al–Zn alloys at similar grain size. To investigate
possible proposed mechanisms of ductility in alloys, and
differences between Al, Zn, and Y solutes, first-principles
density functional theory (DFT) calculations are used to
compute all relevant stacking fault (SF) energies as a
function of solute type (Y, Al, Zn) and concentration in
the dilute limit.

In DFT calculations, we compute the solute-SF
interaction energy Eint dið Þ versus solute-SF distance di.
Accurate energies requires the use of large supercells. For
the pyramidal II plane, a single solute may induce
migration of the SF. Constraints, and corrections for the
constraints, are thus needed. In the random alloy, every
atom site has a probability c (in at.) to be occupied by a

solute atom. The value of the SF energy of the alloy, at
small c, is then cA ¼ cMg þ c

A0

P
i Eint dið Þ:

The stacking fault energies for basal and pyramidal
faults versus concentration are shown in Fig. 1 for the
solutes Y, Al and Zn. From these results, we can draw
some conclusions regarding ductility in Mg alloys. First,
the proposed role of the I1 basal SF in ductility
enhancement in Mg–Y [2] is not supported. The effects
of Y can be achieved at twice the concentration using Al.
However, neither Mg–Al or Mg–Zn alloys show signif-
icantly enhanced ductility. Second, using the I1 and pyr. II
SFs for Y, elasticity calculations show that Y does not
appear to significantly alter the energetics of the detri-
mental pyramidal-to-basal orientation transformation.
Third, the only unique property of Y, compared to Al
and Zn, is the much larger reduction of the pyramidal I SF
energy. This suggests new mechanisms for enhanced
ductility that will be discussed and supported by further
results on other solutes.
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Alloys � Stacking faults � Ductility � Dislocations
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Recent Developments in Magnesium Alloy
Corrosion Research

Nick Birbilis, R. L. Liu, Y. Yan, and O. Gharbi

Abstract
When exposed to atmospheric or aqueous conditions,
magnesium (Mg) undergoes corrosion, and so do Mg
alloys. In recent years, there has been a transition from
accepting the corrosion of magnesium alloys, to proactive
research aimed at (1) clarifying magnesium corrosion
mechanisms to devise methods for restricting magnesium
corrosion, and (2) demonstration of methodologies to
produce more corrosion resistant magnesium alloys.

Herein, a number of examples will be shown, selected
on the basis that they represent a design directed
approach. Two key systems will be highlighted, including
the Mg-X systems, where X represents group 14 and group
15 elements. It was recently demonstrated that arsenic
(As) has the ability to stifle the cathodic reaction kinetics
(via cathodic poisoning mechanism) upon Mg. Given
the toxicity of As, alternatives with similar chemical

properties are explored, with particular focus given to
germanium (Ge) additions. The addition of Ge was shown
to decrease corrosion rates significantly, by a range of
short and long-term tests, which also resulting in a
concomitant lower rate of hydrogen evolution.

In contrast, the Mg–Li alloy system is also explored as
a corrosion resistant Mg-alloy. A critical concentration of
Li additions to Mg (>10.5 wt% Li) have been demon-
strated to allow the dynamic development of a corrosion
resistant surface film consisting of lithium carbonate.
Such a lithium carbonate film is stable in aqueous
electrolytes, and insoluble, providing a basis for signif-
icant reduction in the dissolution (and corrosion) of Mg.

The above alloying additions as functional additions
for promoting appreciable corrosion resistance to
Mg-alloys is elaborated in the context of future Mg alloys.
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Towards Active Corrosion Protection of Mg
Alloys Using Corrosion Inhibition
Approaches

M. L. Zheludkevich, S. V. Lamaka, Y. Chen, D. Hoeche, C. Blawert,
and K. U. Kainer

Abstract
The high susceptibility of Mg alloys to corrosive
degradation is calling for new efficient corrosion protec-
tion solutions. In the present paper we discuss the
approach based on the introduction of new generation of
corrosion inhibitors into the composite protective coatings
aiming at an additional active corrosion protection.

Keywords
Magnesium � Corrosion coating � Inhibitor

One of the main obstacles for active uptake of Mg based
materials by different industries is related to their relatively
high corrosion susceptibility in aggressive environments.
Therefore adequate corrosion protection strategies have to be
applied in order to reduce the corrosion impact of the
Mg-based structures or multi-material assemblies where Mg
is one of the partners. The traditional approach towards
corrosion protection of Mg alloy surfaces relies on the cre-
ation of superior barrier coatings and the extensive appli-
cation of sealants to joint areas. Nevertheless the passive
protection can be partially lost during the service-life of the
structure because of exploitation induced defects such as
pinholes, scratches and cracks which appear in the coatings.
The disruption of the barrier can lead to fast propagation of
the corrosion processes in such local areas. The alternative
approach is to introduce the corrosion inhibitors into the
protection scheme. The corrosion inhibitors locally leached
from the damaged coating can actively suppress the corro-
sion rate in the defects increasing the fault-tolerance of the
protective coatings. However the choice of efficient
environmentally-friendly inhibitors for Mg was extremely
limited.

The detailed knowledge on the corrosion mechanism is
required to design the corrosion inhibitors which can be used
as a part of protection scheme. However there is still an
active discussion in the corrosion community concerning the
main mechanistic details of Mg corrosion. Recently it was
demonstrated that noble impurities present in the Mg-based
materials can play a detrimental role for corrosion resistance.
One of the important mechanisms is related to the enhanced
cathodic activity at the corrosion front as a result of
increased cathodically active area caused by re-deposition of
thin iron film on Mg surface [1]. The Fe cathode film is
plated be reduction of Fe2+/Fe3+ cations generated during
corrosive dissolution of detached Fe impurity particles pre-
sent in the alloy. This effect drastically accelerates corrosion
of impurity containing Mg.

In the present work a new approach based on the com-
plexation of Fe ions [2] and consequently preventing
re-deposition is employed to select compounds which can
offer high corrosion inhibition efficiency. The newly dis-
covered corrosion inhibitors are integrated within protective
coatings in order to obtain an active corrosion protection
effect for Mg alloys.

The composite two layer system was used to apply a
protective coating on a AZ91 magnesium alloy. The first
layer is created by short PEO (plasma electrolytic oxidation)
treatment. It leads to formation of relatively thin (about
4 µm) porous layer composed mainly Mg oxide/hydroxide
species. Such a layer can play a double function improving
the stability of the interface and offering a good reservoir to
load the corrosion inhibitors. The developed porosity can
ensure a sufficient capacity for the inhibitor loading and a
good anchoring to the polymer top coating. Hybrid sol-gel
polymer layer was applied here in order to seal the inhibitor
loaded PEO pores and provide an efficient additional barrier
against corrosive species. The sol-gel formulation was
composed by GPTMS and TPOT dissolved in ethanol and
controllably hydrolyzed as described elsewhere [3].

The corrosion protection performance of the obtained
coatings was evaluated using combination of integral and
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localized electrochemical techniques. The evolution of
impedance spectra of the coated AZ31 immersed in 0.5%
NaCl shows that in the case of inhibitor-loaded coatings the
impedance decrease in whole frequency range is signifi-
cantly slower than that for the inhibitor-free reference sys-
tem. The active corrosion protection was evaluated by SVET
(scanning vibrating electrode technique). This method
allows measuring the local anodic and cathodic currents at
corroding interface with a high spatial resolution. Figure 1
presents the SVET maps measured over the surface of coated
Mg alloys immersed in 0.05 M NaCl solution for 36 h. Two
artificial defects were introduced in each coating and
development of local corrosion currents in these defects was
monitored. After 36 h of corrosion test the corrosion current
density in both defects on blank coating shows high values.
While only a minor activity is detected in the case of
inhibitor-containing system.

The obtained electrochemical results clearly demon-
strated a superior performance of the coating loaded with

4-aminosalycilic acid as a corrosion inhibitor. The addition
of inhibitor to the coating system leads to a significant
increase of its fault tolerance. Well defined active corrosion
protection in the defects is demonstrated. The
inhibitor-loaded protective coating on Mg alloy can be
considered as a promising solution for different structural
applications.
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Ni-P-MWNTs Composite Coatings
on Magnesium Alloys AZ31 Part 1:
MWNTs Content in Coating

Dong Guo, Haiwang Wu, Sheng Wang, Yongjuan Dai, Shiqing Sun,
Sen Qin, and Kai Fu

Abstract
In the present paper, Ni-P-MWNTs composite coating
was prepared on AZ31 magnesium alloy by electroless
plating. Surface modification of carbon nanotubes by
cationic surfactant DTAB were studied using IR spec-
trum. The morphology and the coating composition on
the electrode surface were analyzed (SEM and X-ray
diffraction). The results show that the prepared
Ni-P-MWNTs coating is uniform and compact. The
relationship among the concentration of surfactant
DTAB, the concentration of MWNTs in bath and coating
were analyzed.

Keywords
Magnesium alloys � Electroless plating � Ni-P-MWNTs
coating � The concentration of MWNTs

Magnesium alloys are among the best lightweight structural
materials with a relatively high strength to weight ratio and
excellent technological properties [1, 2]. The requirement to
reduce the weight of car components has triggered renewed
interest in magnesium alloys. In addition, the use of mag-
nesium alloys in other fields, such as aerospace, electronic
and telecommunication components has also increased
steadily in recent years [3, 4]. However, magnesium is
intrinsically highly reactive and its alloys usually have rel-
atively poor corrosion resistance, which is actually one of
the main obstacles to the application of magnesium alloys
[5, 6]. In order to meet the requirement for practical appli-
cations, suitable surface treatment techniques should be

applied to magnesium alloys to improve their corrosion
resistance [7–10]. Among various surface treatments, elec-
troless nickel plating for magnesium alloys was investigated
extensively because of high corrosion resistance, good wear
resistance, high hardness, acceptable lubricating character-
istics [11]. In order to improve the properties of Ni-P coating
on magnesium alloy surface, composite coatings were
formed by introducing secondary particles into Ni-P elec-
troless plating bath.

Carbon nanotubes (MWNTs) are a new type of carbon
material discovered in the early 90s of last century. Its high
length/diameter ratio, strength, elastic modulus, flexibility,
stiffness, large energy absorbing capacity, unique conduc-
tivity and chemical stability along with other excellent
properties have led to the use of the carbon nanotubes as a
novel fiber for a variety of composite materials [12].
Alishahi M [13] prepared Ni-P-MWNTs composite coating
on copper metal substrate. It was found that addition of
MWNTs in both before and after heat treatment improves
the hardness of the coating. Wu YC [14] obtained
Ni-Cu-P/carbon nanotubes quaternary composite coatings on
low carbon steel by electroless plating. With increasing
CNTs concentration, both the CNTs content in the com-
posite coatings and the hardness of composite coatings
increased at first and then decreased. He YD [15] developed
a mechanical attrition (MA)-assisted electroless plating
technique to deposit Ni-P-multiwalled carbon nanotubes
composite coatings on carbon steel. It showed that the
MA-assisted coating possessed 59 wt% CNTs, which was
much higher than that of 22 wt% in conventional coating.
Arai S [16] fabricated Ni-P alloy/multiwalled carbon nan-
otube composite films on acrylonitrile butadiene styrene
resin by electroless plating.

In this study, we described our successful attempt to
achieve modified MWNTs and employ chemical deposition
to prepare Ni-P-MWNTs composite coatings on AZ31
magnesium alloys. Using this method, we achieved a uni-
form distribution of MWNTs in the Ni-P matrix and good
adhesion to the matrix. Moreover, we paid more attention to
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investigate MWNTs concentration in the bath and MWNTs
content in the composite coatings were investigated.

Experimental

The substrate material used was as extruded AZ31 magne-
sium alloy. The chemical composition of the alloy is given
in Table 1. The procedure of electroless plating on magne-
sium alloys was: polishing sample (1500 grade SiC
paper) ! degreasing ! alkaline etching ! preparing
nickel metal film ! electroless plating Ni-P-MWNTs
composite coating (water rinse each step). They were pol-
ished successively to a 1200 and 2400 grit finish before
pretreatment. The procedures of pretreatment were processed
by the procedure given by Guo D et al. [17]. Composition of
the electroless plating bath and its operating conditions were
given in Table 2.

Multi-walled carbon nanotubes (MWNTs) were pur-
chased form Shenzhen Nanotech Port Co., Ltd. Its size is 1–
2 lm in length, 20–40 nm in outer diameter. The crude
material were purified by immersing in a 3:1 mixture of
concentrated H2SO4 and HNO3 and refluxed for 0.5 h at
boiling, subsequently suspended and refluxed in 5 mol L−1

HCl solution for 2 h at boil. After washing with de-ionized
water and drying at 80 °C, the MWNTs samples were
characterized by field emission scanning electron micro-
scope (Hitachi S-4800) and Infrared spectroscopy (300E
Jasco spectrometer and KBr disk).

After pretreatment, samples were placed in the electroless
plating bath. The composition and operation parameters of
electroless plating bath were shown in Table 2. After
accomplishment of electroless plating, samples were
removed from plating bath, washed by distilled water and
dried.

Scanning electron microscopy (Shimadzu SSX-550) with
energy dispersive spectroscopy (EDS) was used to assess
deposit morphologies and composition distribution. The
crystal structures of the electroless composite coatings were
analyzed by XRD (Cu Ka1).

Results and Discussion

Figure 1a showed a SEM image of the crude MWNTs and
impurities. After purification by acid treatment, the metal
particles, the oxide particles, and the non-nanotubes carbon
materials have been almost eliminated completely (as shown
in Fig. 1b). Most of MWNTs twine with each other, which
has a negative effect on dispersing of MWNTs in the bath. In
order to improve the dispersity of MWNTs in electroless
plating bath, the MWNTs were mechanically milled.
The SEM image of carbon nanotubes after being mechanical
milled for 8 h is shown in Fig. 1c. It was evident from this
figure that carbon nanotubes become shorter and the twine is
alleviated. This feature contributed to the subsequent dis-
persion of MWNTs in the plating bath.

Figure 2 showed the infrared spectra of the acid treated
MWNTs. It can be seen that there are many groups on the
surface of the acid-treated MWNTs with mixture acid,
oxygen-hydrogen bonds at about 1320 and 3670 cm−1,
carbonyl groups at about 1500 cm−1 and C = C bonds at
about 1390 cm−1, respectively. These groups were of great
benefit to absorbing sodium dodecyl sulfate (SDS). The
addition of surfactant significantly enhanced the suspension
stability of MWNTs with electrostatic repulsion. These
phenomena led us to conclude that steric stabilization plays
an essential role for dispersion of MWNTs. The surfactants
conquered the van der Waal’s interaction through steric
hindrance and helped to separate MWNTs from each other.

Table 1 Chemical compositions
of AZ31 magnesium alloy
(mass, %)

Mg Al Na Zn Si

95.729 2.073 1.437 0.582 0.179

Table 2 Compositions of bath
and operating conditions of nickel
deposition

Bath constituents and parameters Condition

Nickel sulfate, NiSO4�6H2O 18 g L−1

Sodium hypophosphite, NaH2PO2�H2O 22 g L−1

Hydrofluoric acid, HF(40%) 10 ml L−1

Ammonium bifluoride, NH4HF2 20 g L−1

Citric acid, C6H8O7�H2O 5 g L−1

Thiourea 1 mg L−1

Ammonia solution (25%) To adjust pH = 6.5

Temperature and time 80 ± 2 °C, 60 min

Modified MWNTs 0.5–2 g L−1
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As shown in Fig. 3, Ni-P-MWNTs composite coating on
AZ31 magnesium alloys showed a dark black colour. It was
semibright, smooth, uniform and compact. Plating rate can
reach 12 lm/h. Composite coating adhesion was checked by
thermal shock test and file test. Samples were heat treated at
250 ± 10 °C for 1 h in the furnace, and then immediately
plunged into cold water. The surface of the samples
remained intact without peeling and flaking. A non-
important part of the surface of the samples was filed off
at an angle of 45°, and then the interface of substrate and
coating examined but no peeling off was revealed. The
results showed good adhesion of the composite coating.

Figure 4 showed the XRD patterns of the composite
coatings before and after annealing treatment for 3 h. It was
found that their crystalline structures change from amor-
phous state to crystalline state, and Ni3P phase forms in the
Ni matrix. In this work, the peak of carbon nanotube was
still indexed in Fig. 4. It was confirmed that the MWNTs
were embedded in the matrix.

Fig. 1 SEM images of: a crude MWNTs; b purified MWNTs; c ball milled MWNTs
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Fig. 2 Spectrum of acid treated MWNTs by FTIR

Fig. 3 SEM surface morphology of Ni-P-MWNTs composite coatings

Fig. 4 XRD patterns of Ni-P-MWNTs composite coatings before and
after annealing

Ni-P-MWNTs Composite Coatings on Magnesium … 23



As shown in Fig. 5, it was relationship among MWNTs
content in composite coating, MWNTs concentration and
DTAB/MWNTs rate in bath. When the MWNTs content in
bath was at a low level, the content of MWNTs in composite
coating increased with the increase of MWNTs content in
bath. When the content of MWNTs in bath reached 1.2 g/L,
the content of MWNTs in coating reached the highest value.
Then the MWNTs content in coating decreased with the
increase of MWNTs content in bath. When the DTAB/
MWNTs ratio was at a high level, the MWNTs content in
coating increasedwith the decrease of DTAB/MWNTs.When
DTAB/MWNTs ratio reached 1, MWNTs content in coating
reached the highest value. Then the MWNTs content in
coating decreasedwith the increase of DTAB/MWNTs.When
the MWNTs content of in bath was 1.2 g/L and
DTAB/MWNTs ratio was 1, the content of MWNTs in
coating reached the maximum value(2.5 wt%). This is
because when the content of MWNTs in bath was low or
DTAB/MWNTs ratio was high, the MWNTs in bath showed
good dispersibility. With the increase of MWNTs content, the
probability that the MWNT particles reached sample surface
and embedded in coating increased. But on the other hand,
excessive DTAB adsorbed on sample surface hindered the
diffusion of Ni2+ and H2PO�

2 , and hindered the normal
deposition of Ni-P coating.

Conclusion

(1) After surface modification, the MWNTs solution with
good dispersion was obtained. Ni-P-MWNTs composite
coating on AZ31 magnesium alloy was prepared by
electroless plating. It showed a dark black color,
semibright, smooth, uniform and compact. Plating rate
can reach 12 lm/h. The test results showed good
adhesion of the composite coating.

(2) When the MWNTs content in bath was at a low level,
the content of MWNTs in composite coating increased
with the increase of MWNTs content in bath. But with
continued increase of the content of MWNTs in bath, the
content of MWNTs in coating decreased.

(3) When the DTAB/MWNTs ratio was at a high level, the
MWNTs content in coating increased with the decrease
of DTAB/MWNTs. But with continued decrease of
DTAB/MWNTs, the MWNTs content in coating
decreased with the increase of DTAB/MWNTs.
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Ni-P-MWNTs Composite Coatings
on Magnesium Alloys AZ31 Part 2:
Tribological Behavior and MWNTs
Content in Coating

Dong Guo, Sheng Wang, Yongjuan Dai, Shiqing Sun, Sen Qin,
and Kai Fu

Abstract
In this study, Ni-P-MWNTs composite coating was
successfully deposited on the surface of AZ31 magne-
sium alloys by electroless plating. The electrochemical
properties of the composite coatings were studied by
electrochemical workstation system. The corrosion
behavior of the composite coatings was evaluated by
polarization curves in 3.5 wt% NaCl aqueous solution at
room temperature. Its corrosion resistance was improved
significantly than AZ31 magnesium alloys. The wear
behavior of the coatings was investigated using friction
and wear test method. The results indicated that the
incorporation of carbon nanotubes in the coating
improved both tribological behavior and corrosion resis-
tance. Comparing with Ni-P coating, Ni-P-MWNTs
composite coatings showed not only higher wear resis-
tance but also lower friction coefficient. These improve-
ments have been attributed to superior mechanical
properties, unique topological structure and high chemical
stability of nanotubes.

Keywords
Magnesium alloys � Electroless plating � Ni-P-MWNTs
coating � Tribological behavior

Magnesium alloy exhibits an attractive properties for auto-
motive industry but its low corrosion resistance has limited
its use [1–3]. Electroless plating is an important technique to
improve the corrosion resistance of magnesium alloys [4].
Coatings containing solid particles such as SiC, Al2O3, WC
and diamond, etc. have been developed for better wear

resistance or dispersion hardening [5, 6]. Composite coating
has better wear resistance, corrosion resistance and high
temperature resistance than single coating [7]. Recently,
carbon nanotubes are increasingly attracting scientific and
technological interest by virtue of their unique chemical and
physical properties after discovered by Iijima [8–10]. Goel
[11] investigated Co-P-CNT coating on the magnetic prop-
erties of grain oriented electrical steel. The results of wear
test reveal that Co-P-CNT coating reduced the surface
roughness and enhanced the magnetic properties. Zeng [12]
electrodeposited chromium-multiwalled carbon nanotubes
composite coatings. The introduction of MWNTs obviously
improved the hardness, toughness and tribological perfor-
mance of Cr coatings. Meng [13] prepared Ni-P-MWNTs
composite coatings by electroless plating on 45# steel. The
results of wear test reveal that the Ni-P-MWNTs composite
coatings posses much better friction reduction and anti-wear
performances when compared with Ni-P coating. The
excellent tribological performances of the composite coat-
ings can be attributed to the introduction of MWNTs, which
play both roles of reinforcements and solid lubricant during
the wear process. Allahkara [14] found that corrosion
resistance increasing with incorporation of CNTs of Ni-P
coatings. Chen [15] compared Ni-P-Carbon nanotube
(CNT) composite coatings as well as Ni-P-SiC and
Ni-P-graphite coatings were prepared by electroless plating.
The Ni-P-CNT composite coatings exhibited not only high
wear resistance but also low friction coefficient compared
with the Ni-P-SiC and Ni-P-graphite composite coatings.

In the present work, the corrosion resistance and dry
friction behavior of Ni-P-MWNTs composite coatings on
AZ31 magnesium alloys were investigated.

Experimental

Preparation of Ni-P-MWNTs composite coatings on AZ31
magnesium alloys refer to “Ni-P-MWNTs Composite
Coatings on Magnesium Alloys AZ31 part 1: MWNTs
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content in coating”. The thickness of composite coating is
about 10–15 lm. For studying the corrosion resistance of
coated samples, polarisation curves of Ni-P-MWNTs com-
position coating were obtained using the electrochemical
measurement system Princeton PARSTAT 2273 at room
temperature. Linear sweep voltammetry experiments were
carried out in a corrosive environment of 3.5 wt% NaCl
aqueous solution (pH 6.9) using a classic three-electrode cell
with a platinum plate (Pt) as a counter electrode and a
calomel reference electrode. The working electrode and the
samples were cleaned in acetone agitated ultrasonically, and
rinsed in deionised water before the electrochemical test.
The coated samples were masked with epoxy resin (EP 651)
so that only 1 cm2 area was exposed to the electrolyte.

Wear resistance and dynamic friction coefficient of
Ni-P-MWNTs composite coatings and Ni-P coatings on
AZ31 magnesium alloys were examined by vertical uni-
versal friction and wear tester. Results were recorded as the
weight loss versus the sliding distance and friction coeffi-
cient variations. It was adopted ball-chip friction pairs. Test
under dry friction condition, ball speed was 75 r min−1, test
load was 15 N. The friction torque was obtained by mea-
suring the output power of the DC motor. Then the coeffi-
cient of friction was obtained. The coefficient of friction in
test process was automatically recorded by the device. The
experimental temperature was room temperature, and sam-
ples were washed by deionized water, ultrasonic cleaned by
ethanol and vacuum dried before and after experiment. The
friction coefficient was calculated as follows:

l ¼ F

N
¼

T
3r cos a

P
3r sin a

¼ T

P � r tga ¼ T

P� 6:35
tg54:77 ¼ 0:233

T

P

T was the friction torque (N mm), P was the loading force
(N), l was the coefficient of friction (mm).

Results and Discussion

Electrochemical Corrosion Resistance
of Ni-P-MWNTs Composite Coating

After the surface potential of the sample had tended to be
stable, corrosion potential and potentiodynamic polarization
curve of the sample were measured in 3.5% NaCl solution.
As shown in Fig. 1, the corrosion potential of AZ31 mag-
nesium alloy matrix was about −1.4 V. In the stage of
anodic polarization, the corrosion current increased rapidly.
The sample was dissolved, and hydrogen on the electrode
and sample surface were generated. By comparison, the
corrosion potential of Ni-P-MWNTs composite coatings on
AZ31 magnesium alloy was about −0.5 V. Its corrosion
resistance was improved significantly than the former. After

potentiodynamic scanning into the anode area, it created
passivate layer on Ni-P-MWNTs composite coatings, and
the passivation interval was about 300 mV. Finally, pitting
corrosion formed on the composite coating and corrosion
current increased. Therefore, corrosion resistance of
Ni-P-MWNTs composite coating was very good for AZ31
magnesium alloys.

Friction Properties of Ni-P-MWNTs
Composite Coating

Figure 2 showed relationship between friction coefficient and
friction time of Ni-P coating and Ni-P-MWNTs composite
coating with different MWNTs content in coating on AZ31
magnesium alloys. With the increase of friction time, the
friction coefficient increased continuously. Compared with
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Fig. 1 Potentiodynamic polarization curves for bare alloy and
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Ni-P-MWNTs composite coatings, the friction coefficient of
Ni-P coating fluctuated more greatly. Its average friction
coefficient was 0.34, and the friction coefficients of Ni-P-1.5%
MWNTs composite coatings and Ni-P-2.5%MWNTs com-
posite coatings were lower respectively, 0.27 and 0.25.

Wear scar surface morphologies of Ni-P coating and
Ni-P-MWNTs composite coating were shown in Fig. 3
under the same conditions. The exposed matrix in the wear
scars of Ni-P coating was the largest and deepest among the
three. With the addition of MWNTs, the wear scars of
Ni-P-MWNTs composite coating became narrower and
shallower. Compared with the wear scars of Ni-P-1.5%
MWNTs composite coatings, the wear scars of Ni-P-2.5%
MWNTs composite coatings was smaller, no matter in depth
or width. The above results showed that for composite
coating, the addition of MWNTs could bring not only lower
friction coefficient, but also better wear resistance.

Because of lower loading capacity of Ni-P coating, stress
concentration and temperature rising caused by friction led
to brittle fracture of the coating and peeled off in the form of
abrasive dust after undergone a certain friction distance.
Grinding and adhesion of abrasive dust increased friction
coefficient. Wear of Ni-P coating was mainly dominated by
adhesive wear and plough mechanism. Ploughing wear of
abrasive dust aggravated the wear effect of the coating.
Peeling and ploughing wear were main causes of friction
coefficient fluctuating and high wear rate of Ni-P coating.

For Ni-P-MWNTs composite coatings, the addition of
MWNTs particles led to the decline of hardness of the
coating, but its friction coefficient remained at a low level
and stable. This means that almost no larger particles gen-
erated during friction process. The molecular structure of
MWNTs determined its high crystallization and weak van
der Waals force between MWNTs molecules. This helped to
transfer shear friction effect to friction surface. Uniform
distribution in coatings of MWNTs in a network connected
state, which played a role of dispersion strengthening.
According to polymer friction theory [16], when soft poly-
mers ground against hard materials, polymers usually
transferred to surface of hard materials. A polymer film

should be formed on surface of hard materials. Once the film
is formed, subsequent interactions should be carried out
between the polymer and the film so as to achieve lubrica-
tion and wear reduction effect.

Conclusion

(1) Corrosion behavior of Ni-P-MWNTs composite coat-
ings on AZ31 magnesium alloys was evaluated. Its
corrosion resistance was improved significantly than
AZ31 magnesium alloys.

(2) Tribological properties of Ni-P coating and
Ni-P-MWNTs composite coating on AZ31 magnesium
alloy were investigated. Its was found that MWNTs solid
lubricant particles incorporated into Ni-P-MWNTs com-
posite coating could significantly reduce the friction
coefficient. The fluctuation of Ni-P coating friction coef-
ficient was more than Ni-P-MWNTs composite coating.

(3) The improvement of wear resistance and friction prop-
erties of Ni-P-MWNTs composite coatings stemmed
from high strength, high toughness and self-lubricating
properties of MWNTs, as well as their fiber morphology
and uniform distribution in coating.
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Adding Dimensions to the Immersion
Testing of Magnesium Corrosion

Lars Wadsö and Dmytro Orlov

Abstract
With the versatility of structural performance in magne-
sium alloys, Achilles hill remains to be their susceptibility
to corrosion. The Mg community agrees that traditional
methods are insufficient for revealing the root cause of
difficulties in controlling Mg degradation rate. Therefore,
developing new methods allowing simultaneous assess-
ment of several characteristics is of great importance now.
We designed an advanced cell for immersion testing
allowing simultaneous assessment of two complementary
characteristics of Mg corrosion in aqueous environments:
isothermal calorimetry and pressure. Isothermal calorime-
try monitors in situ heat production rate during chemical
reactions, which can be recalculated to corrosion rate if
the enthalpy of a process is known. Pressure monitoring
allows alternative quantification of corrosion rate through
hydrogen production. The proof-of-concept testing pre-
sented here reveals details of a corrosion process
depending on electrolyte.

Keywords
Magnesium � Corrosion � Isothermal calorimetry
Pressure measurements

Introduction

The benefits of magnesium (Mg) use are well known to the
experts working with this material as well as to the general
public [1]. At the same time, it has some weaknesses, also
rather well known to these communities. A major weakness
considered now as the main challenge on the way to a wide
Mg adoption in many structural applications is its corrosion
performance. Although the existence of such a challenge is
well known, it still cannot be adequately addressed. One of
the reasons for that is the relative uniqueness of Mg corro-
sion process in many aspects including difficulties in form-
ing protective passive film on the surface from corrosion
products and so-called ‘negative difference effect’ (or anodic
hydrogen evolution). Recent achievements in the studies of
Mg corrosion and advances in respective instrumentation are
comprehensively reviewed by Esmaily et al. in [2]. Among
other aspects, this review suggests that new instrumentation
capable of ‘multimodal’ correlative assessment of Mg cor-
rosion is necessary now. This paper addresses exactly that.

In the present paper, we introduce isothermal calorimetry
as an interesting and potent techniques for the study of
magnesium corrosion. In our laboratory-scale experimental
set up, we have combined this method with pressure mea-
surements, a gravimetric technique commonly used in
magnesium corrosion studies [2]. Together, these techniques
provide at least two independent sources of in situ process
monitoring allowing the evaluation of Mg corrosion rate in
real time with excellent temporal resolution.

Materials

Commercial purity magnesium received as a hot-extruded
bar 25 mm in diameter and having a mean grain size of
30 lm was used in this study. Specimens for the investi-
gation were cut with a diamond wire saw from the centre of
the bar to the dimension of 10 � 10 � 2.5 mm3 giving the
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total surface area of approximately 300 mm2. Afterwards,
they were ground on all surfaces with a SiC paper to a final
finish of P1200, washed in ethanol and dried with hot air
immediately before testing. After this, the actual surface area
of each specimen was measured with sufficient accuracy. All
the measurements were then normalised by the actual sur-
face area of specimens tested. Four identical specimens were
measured in parallel at 20 °C.

The solution of 1% NaCl (sodium chloride of pro analysis
quality) in deionized water (H2O type 1) having a concen-
tration of Cl− ions similar to that in simulated body fluid
(SBF) was used as an electrolyte for primary screening.
Furthermore, a SBF was prepared according to a recipe in
[3], see Table 1. The pH-value of the SBF solution was
further adjusted to a required level by adding HCl immedi-
ately before testing.

Methods

Isothermal calorimetry

The main experimental technique used in this study was
isothermal calorimetry, in which the heat production rate
(thermal power) from a process is measured. This technique
has been used for a long time in such fields as cement
chemistry [4], pharmaceutical science [5] and microbiology
[6]. However, it also has uses in almost every other field of
science and technology, as it is a generic tool to study the
rate of processes from the heat they produce. The measured
thermal power P (W) equals the rate of a process
dn/dt (mol s−1) times the process enthalpy DH (J mol−1):

P ¼ dn

dt
DH: ð1Þ

The time integral of thermal power is heat Q (J), pro-
portional to the amount of reacted material:

Q ¼ ðn0 � ntÞDH: ð2Þ
Here, n0 and nt (mol) are the amounts of material at time

zero and at time t, respectively. In deriving the above two
equations, we assumed the activity of a single process, but a

similar reasoning can be applied also for more complex
situations.

Isothermal calorimetry measures P as a function of time
and integration of P gives Q. A measurement can thus give
information on both the rate of a process and its extent. It is
thus a powerful method to investigate process kinetics, for
example of a corrosion process. However, there are no
published studies of corrosion by isothermal calorimetry
except an application note from a calorimeter manufacturer
[7], to the best of our knowledge.

In the present study, a TAM Air (Thermometric, Järfälla,
Sweden; now TA Instruments) was used. This is an instru-
ment with eight heat conduction calorimeters for 20 mL
vials [4]. The set-up for each calorimeter is shown
schematically in Fig. 1. In the present measurements, plastic
(polyethylene) vials were used. On the sample side, each of
these contained 20 mL of an aqueous solution and the
magnesium specimen. On the reference side, 20 mL water
was placed in a similar plastic vial. The calorimeters were
calibrated electrically and baselines were taken with 20 mL
water in the sample vials. The magnesium specimens were
hanging on nylon wires, so that they could be in contact with
the solution on all sides.

Pressure measurements

It is well known that the degradation of magnesium in
aqueous solutions is associated with the release of hydrogen
gas. Therefore, it is common by now to use the amount of
evolved hydrogen gas as the measure of the amount of
corroded magnesium because of 1:1 molar relationship
between reacted magnesium and produced hydrogen:

Mg sð ÞþH2O lð Þ ! MgO aq=sð ÞþH2 aq=gð Þ: ð3Þ
This reaction can be followed by the production of

magnesium hydroxide:

MgO aq=sð ÞþH2O lð Þ ! Mg OHð Þ2 aq=sð Þ; ð4Þ
but this reaction does not produce gas. In the above reac-
tions, we have specified the states of some of the substances

Table 1 The composition of
simulated body fluid used in this
work [3]

Compound Volume of concentrated salt solution in 1 l SBF [ml]

KCl 5

NaCl 50

NaHCO3 50

MgSO4�7H2O 5

CaCl2�2H2O 25

TRIS 50

KH2PO4 5
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as either “aq” (dissolved in water) or as “s” (solid) or “g”
(gas). This is treated in the Discussion section.

In the present study, the pressure was measured with sen-
sors (Motorola MPX5100) connected to the head space of the
calorimetric vials. As the volume of the head space is small—
and gas evolution would give high pressure changes in small
volumes—an increased volume was created by inserting a
100 mL glass vial in the system, as is shown in Fig. 1. The
pressure sensors were calibrated by changing the volume of
the system with the help of a syringe, and calculating the
change in output from the sensor electronics per change in
pressure. The calibration coefficients have units of mV/Pa.

The amount of gas produced was calculated from the
ideal gas law:

pV ¼ nRT ; ð5Þ
where p (Pa) is pressure, V (m3) is volume, n (mol) is the
amount of gas, R (8.314 J mol−1 K−1) is the gas constant,
and T (K) is temperature. As the thermal power is propor-
tional to the rate of reaction, and thus also to the rate of gas
production, the following equation was used:

dn

dt
¼ dp

dt
� V

RT
: ð6Þ

In the present case, the volume was 118 mL, and the
temperature was 293 K.

Results

In Fig. 2, we show the results of 30 h measurement on four
samples of pure Mg in 1% NaCl solution at 20 °C. It is seen
that they all show similar results, both for the thermal power
and for the pressure change rate. The calculated enthalpy of
the process is also rather constant after 5 h. In Fig. 3, the
same type of results is shown for pure magnesium in SBF at
20 °C (only for three samples as one vial leaked). All the
diagrams in Figs. 2 and 3 have minute signal variations
having the appearance of noise. Nevertheless, these signal
variations actually reveal intrinsic features of the corrosion
process, as demonstrated below. Therefore, they were
intentionally not filtered out but presented in the figures.

It is seen that both the thermal power and the pressure
change rates are much lower for SBF than for the NaCl
solution. Such a difference can be explained by significantly
lower corrosive property of the SBF. The thermal power
diagram and the corrosion rate diagram look similar, and this
results in rather constant enthalpies. However, the ‘noise’
type signal seen in these two curves have different origin. In
the thermal power curve, Fig. 2a, what looks like noise is
actually variations in the intensity of the corrosion process
(as elaborated in Fig. 4 and the Discussion section below),
while the noise in the corrosion rate, Fig. 2c comes from the
limited resolution and stability of the pressure sensors, and
from the derivation of the pressure signal. The situation in
Fig. 3 is similar, but the lower corrosion rate makes the
measurements more uncertain. In the evaluations for Figs. 2
and 3, we used a data point interval of 500 s and a 10 point
(5000 s) moving average filter for the corrosion rate, while
the thermal power was not filtered. The noise seen in the
enthalpy should be seen as a random noise since the
remaining noise in the corrosion rate is random.

Discussion

The present results show that isothermal calorimetry and
pressure measurements are an interesting combination for
the study of magnesium corrosion. Both techniques give
continuous results viz. in situ monitoring of the process,
although the calorimetry has the advantage of being a
technique giving the direct measurement of rate. To calculate
the enthalpy, it is needed to take the time derivative of the

Fig. 1 The measurement system. The calorimetric vial contains 20 mL
of the solution and the sample (Mg). The sample vial (S) is in contact
with a sample heat flow sensor (black) that registers the heat flow from
the corrosion process. A second vial with water (R) is a reference with
20 mL water. The output signal is the sample voltage minus the
reference voltage; in this way noise is decreased. The headspace of the
sample vial is connected to a larger volume with a pressure sensor
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pressure. The noise in the enthalpy curves, Figs. 2d and 3d,
mainly comes from this derivation.

The calorimetric equipment used in this study was
appropriate for detecting the entire range of thermal power
release and sufficient temporal resolution. However, the
measurements of pressure can be significantly improved by
optimising the range of a sensor for each measurement by
changing the second volume of the pressure measurement
system (Fig. 1).

It can also be seen that the enthalpy calculated from the
present measurement with SBF has significantly higher noise
compared to the measurement with 1% NaCl. This is natural

as SBF is much less corrosive than 1% NaCl solution and
gives lower signals. At the same time, it should be noted that
although the enthalpy calculated for the SBF results is noisy,
it is still in the correct range (see below).

In Fig. 4, a part of the calorimetric result from Fig. 2a is
magnified and presented together with the results from a
baseline measurement with water (no heat production).
Although the signal in Fig. 4a looks ‘noisy’, the baseline
measurements in Fig. 4b indicate that these signal variations
are two orders of magnitude higher than actual noise in the
calorimeter system (note the differences in the thermal power
scales between the diagrams in Figs. 4a and 4b). It means

Fig. 2 The results of
measurements on four samples of
pure magnesium in a 1% NaCl
solution: a The calorimetric
results. b The measured pressure.
c The corrosion rate calculated
from the pressure change rate
assuming a 1:1 relation (in moles)
between consumed Mg and
produced H2. d The enthalpy
calculated from the data in plots
a and c
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that the deviations from a smooth line in Figs. 2a and 3a
actually indicate relatively minor events in the process of
corrosion. A speculation can be made here that these vari-
ations indicate the events associated with e.g. (i) a cracking
MgO and Mg(OH)2 films and their delamination from the
base Mg metal surface, and/or (ii) the formation and fol-
lowing release of H2 bubbles from Mg surface.

During a measurement on magnesium corrosion, two
main processes take place: Mg oxidation and the following
Hydroxylation, as described by Eqs. (3) and (4), respec-
tively. In these equations, we indicated that many of the
compounds can have more than one state, e.g. solid and
dissolved MgO. We will not carry out the detailed

calculations of the different possibilities here since this is out
of scope in present report, but it is worth noting that the
reaction Mg ! Mg(OH)2 produces approximately
350 kJ/mol, which is at the same order of magnitude as our
experimental results. The enthalpies of dissolution are
comparatively small and can be neglected in an approximate
evaluation.

Hydrogen gas evolution is a robust method to quantify
the amount of corroded magnesium as hydrogen has a low
solubility in water. Although it is rather common in Mg
corrosion studies to use H2 collection, the use of pressure
sensors for evaluating hydrogen release is novel. However,
H2 is a small molecule, and care must be taken to prevent its

Fig. 3 The results from
measurements on three samples
of pure magnesium in SBF: a The
calorimetric results. b The
measured pressure. c The
corrosion rate calculated from the
pressure change rate assuming a
1:1 relation (in moles) between
consumed Mg and produced H2.
d The enthalpy calculated from
the data in plots a and c
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leakage through, e.g., polymeric materials. The tightness of
the present system was tested with air, and found to be
adequate. However, hydrogen is a much smaller molecule
than air and it is thus possible that some leakage can take
place during measurements. We will continue developing
this instrumentation by refining the measurement of pressure
and the data analysis tools.

Conclusions

The combination of isothermal calorimetry and continuous
pressure measurements has been introduced as a method to
study the kinetics of magnesium corrosion. The high tem-
poral resolution of the thermal power allows for the detec-
tion of even minute variations in the corrosion process, while
the pressure measurement makes it possible to relate the
thermal power to the corrosion rate, i.e., calculate the pro-
cess enthalpy. This should make such a combination of
methods attractive in the field of magnesium corrosion.

The capabilities of the system are illustrated by the study
of the corrosion processes of pure Mg in 1% NaCl solution

in water and a simulated body fluid. The pressure mea-
surement needs to be improved to match the sensitivity and
temporal resolution of the calorimeter.
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Effect of Fluoride Ion on the Microstructure
and Properties of Permanganate Conversion
Coating on AZ91D Magnesium Alloy

Shih-An Yang and Chao-Sung Lin

Abstract
Because of the toxicity of chromate, it is necessary to
develop alternatives to chromate conversion coatings.
Permanganate conversion coating treatment is one of the
methods that are potentially alternative to the chromate
treatment on magnesium alloys. This study investigated
the effect of fluoride ion in the permanganate solution on
the microstructure and corrosion resistance of the con-
version coating on AZ91D alloy. Experimental results
showed that the presence of fluoride ion impeded the
conversion coating reaction and accordingly retarded the
formation of the conversion coating, which resulted in a
thinner and more uniform coating. Therefore, the per-
manganate conversion coating formed in the
fluoride-containing solution was nearly crack-free and
displayed higher corrosion resistance than the coating
formed in the solution without fluoride ion.

Keywords
Magnesium alloy � Permanganate conversion coating
Corrosion resistance � EIS

Introduction

Magnesium is the lightest metallic structural material, with a
density of 1.74 g/cm3, which is only 66% of aluminum, 38%
of titanium, and 25% of iron. Magnesium alloys also have
high specific strength, stiffness, electromagnetic shielding
property, and good heat dissipation [1, 2]. Therefore, mag-
nesium alloys have found many applications in automotive,

aerospace, and electronics industries [3, 4]. Moreover,
magnesium alloys are easily recycled and considered as an
environmental–friendly material. However, magnesium
alloys are prone to corrosion in most application environ-
ments due to the high chemical activity of magnesium.

Chromate conversion coating is known for its excellent
corrosion resistance and unique self-healing properties [5, 6].
However, chromate conversion treatments are now being
restricted because hexavalent chromium is extremely harm-
ful to human health and the environment. Permanganate/
phosphate conversion coating treatment is one of the
potential treatments alternative to the chromate conversion
treatment [7]. Jian et al. [8] studied the permanganate con-
version coatings on AZ31 magnesium alloys in KMnO4

solution with potassium dihydrogen phosphate (KH2PO4)
and manganese(II) nitrate (Mn(NO3)2) additives and found
that the coating formed via the Guyard reaction
2MnO�

4 + 3Mn2þ + 2H2O ! 5MnO2 + 4Hþ� �
and the

phosphate ion can impede the autocatalysis of the Guyard
reaction, which drastically reduced the presence of cracks on
the conversion coating; thereby, the corrosion resistance of
the conversion coating was markedly enhanced.

It has been generally recognized that the incorporated
MnO2 in permanganate/phosphate conversion coatings on
magnesium alloys is essential to improve the corrosion
resistance of the coating [8]. In addition, the Guyard reaction
is the very feasible route for the precipitation of MnO2.
Phosphate ions are added in the permanganate solution to
enhance the stability of the solution [9]. Adamson [10]
reported that the presence of fluoride retarded the precipita-
tion of MnO2 from the Guyard reaction by the formation of
stable manganic complex. Chiu et al. [11] showed that the
fluoride conversion coating treatment on pure magnesium
effectively increased the corrosion resistance due to the
dense MgF2 conversion coating. The presence of fluoride
ions in the permanganate conversion solution can thus
enhance the stability of the solution, and, on the other hand,
facilitate the precipitation of MgF2 in the conversion coating.
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In the present study, the effect of fluoride ions in
permanganate/manganese (II) solutions on the microstruc-
ture and properties of permanganate conversion coatings on
AZ91D magnesium alloys was detailed.

Experimental

Conversion Treatment

A die-cast AZ91D plate with a thickness of approximately
1 mm was employed for this study. Coupons of 40 mm
� 50 mm were cut from the as-received AZ91D and ground
using sandpaper up to 4000 grit, followed by polishing using
1 lmalumina solution. The coupons were thoroughly cleaned
using de-ionized water and dried with compressed air.

The conversion coating solution was composed of 0.1 M
potassium permanganate (KMnO4) and 0.025 M manganese
(II) nitrate (Mn(NO3)2) with and without the addition of
0.02 M potassium fluoride (KF). The presence of 0.02 M
KF slightly increased the pH from 1.51 to 1.77. The
as-polished coupon was immersed in the conversion solution
at 25 °C for 60 s. After removal from the solution, the
coupon was immediately immersed in de-ionized water to
stop the conversion coating reaction. Again, the coupon was
dried by compressed air after being thoroughly cleaned.
Finally, the coupon was left at the ambient atmosphere for
24 h before characterization.

Titration

The remaining permanganate concentration of the conver-
sion solution was measured using titration with oxalic and
sulfuric acid solution. The titration was conducted at an
interval of 24 h up to 192 h. The effect of phosphate ions on
the stability of the permanganate/manganese (II) solution
was also studied for comparison.

Microstructure Characterization

The surface morphology of the conversion coating was
characterized using scanning electron microscopy (JEOL
JSM6510) to study the uniformity and surface morphology
of the conversion coating. The composition of the coating
was also measured using the X-ray energy dispersive spec-
troscopy equipped in the SEM. To prepare the
cross-sectional specimen, two slices of the
conversion-coated AZ91D were glued face to face using the
G1 glue and cured at 150 °C for 30 min. The glued speci-
men was cold mounted in an epoxy. After curing, the

specimen was mechanically ground and polished using the
same procedure for the as-received AZ91D. Then, the
specimen was characterized using a field-emission SEM
(Nova NanoSEM 450).

Electrochemical Measurement

The corrosion resistance of the AZ91D with and without the
permanganate conversion coating was studied using AC
impedance spectroscopy (EIS) in 0.05 M sodium chloride
(NaCl) and 0.1 M sodium sulfate (Na2SO4) solution. The
AZ91D with an exposure area of around 1.8 cm2 was
employed as the working electrode, and a saturated calomel
electrode (SCE) and platinum plate were used as the reference
and counter electrodes, respectively. When the open circuit
potential (OCP) of the tested specimen had become stable, the
EIS response was measured at a sinusoidal amplitude of
10 mV imposed on the OCP in the frequency ranging from
105 to 10−2 Hz using an EG&G 263A Potentiostat together
with a frequency response detector (FRD100).

Results and Discussion

Titration of the Permanganate Conversion
Solution

Figure 1 shows the remaining permanganate concentration of
conversion solutions as a function of time. For the solution
without F− and H2PO�

4 , the MnO�
4 concentration of the

as-prepared solution had declined to approximately 0.096 M
right after titration. Then, the MnO�

4 concentration declined
linearly with time and only 50%MnO�

4 left after 192 h. This
is consistent with the autocatalytic reaction characteristic of
MnO�

4 and Mn2+ to form MnO2 precipitates, which is well
known as the Guyard reaction [12]. In contrast, the MnO�

4

concentration of the solution with the addition of H2PO�
4

hardly changed up to 192 h, in good consistence with the
results that phosphate ions effectively inhibit the Guyard
reaction via their absorption on MnO2 colloids [13, 14]. The
F− ions also contributed to the stability of the solution, but its
effectiveness was inferior to that of H2PO�

4 . Previous studies
have shown that the F− retards the Guyard reaction when the
intermediate products of the Guyard reaction form stable
complexes with F− [10]. However, in the presence of F−, the
MnO�

4 concentration underwent a slight decrease only after
48 h. Because the permanganate conversion coating was
conducted in fresh solution, the effect of F− studied can be
regarded as the presence and absence of 0.02 M F− in the
solution with a slight difference in MnO�

4 concentration, i.e.,
less than 0.01 M, as shown by the 24 h data in Fig. 1.
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Surface Morphology of the Permanganate
Conversion Coating

Figure 2 shows the surface morphology of the permanganate
conversion coating formed in the solution without the
addition of F−. The coating was dotted with uniform
white-contrast particles under low magnifications (Fig. 2a).
Close-up observations revealed that scratches resulting from
mechanical grinding and polishing disappeared after con-
version coating, indicating the conversion reaction prevails
to significant extents after 60 s of immersion in the
permanganate/manganese (II) solution free of F−. Moreover,
cracks were frequently observed on the relatively-large
particles, whose average size was around 3 lm. EDS anal-
yses of the area with and without particles, which are marked
as 1 and 2, respectively, in Fig. 2b, found that the
relatively-large particles were mainly composed of Mn and
O (Table 1), suggesting the precipitation of MnO2. As a
result, the Guyard reaction prevails in the solution free of F−,
which is launched mainly via a rise in interfacial pH
accompanying the oxidation and dissolution of magnesium
substrate.

Figure 3 shows the surface morphology of the perman-
ganate conversion coating formed in the solution with the
addition of 0.02 M F−. The coating was smoother than that
formed in the solution in the absence of F−, especially free of
white-contrast particles and cracks. Because scratches were
still discernible, the coating formed with F− was thinner than
that formed without F−. Moreover, F was detected in the
coating formed with F−. The precipitation of MgF2 was thus
evident because the solubility product of MgF2 is as low as
5.16 � 10−11 [15].

Cross-section Characterization
of the Permanganate Conversion Coating

Figure 4 shows the cross-sectional SEM micrograph of the
permanganate conversion coating on AZ91D formed in the
solution without the addition of F−. The structure composed
of a and b phases was readily distinguished on the cross
section, specifically the b phases showed up with a white
contrast and with network structure encompassing the a
phase. For the coating formed without F− (Fig. 4a), uniform
coating with a thickness of approximately 250 nm was
observed on the a phases, meanwhile large particles were
dotted on top of the b phases. Cracks were present in the
large particle. Conversely, the coating formed with F− was
continuous and uniform in thickness (*190 nm) across the
a/b interface (Fig. 4b). The results of cross-sectional char-
acterization agree well with those of surface morphology
observation. The presence of F− in the solution slows down
the conversion coating reaction and ameliorates the unifor-
mity of the coating on the a and b phases.

Formation Mechanism of the Permanganate
Conversion Coating

To further elucidate how the dual-phase structure of the
AZ91D influences the evolution of the permanganate con-
version coating, the surface morphology of the coating
formed during early stage of immersion in the solution
without F− was studied, as shown in Fig. 5. The presence of
MnO2 particles was noticed after 30 s of immersion
(Fig. 5a). Back scattered electron image further showed the
MnO2 particles were distributed mainly on the b phases,
which generally displays a brighter contrast (Fig. 5b).
Moreover, the EDS analyses taken from the surface of the
coating shows that more Mn was detected in the coating on
the b phases (Table 2). This indicates that the MnO2 is
present mainly on the outer part of the coating.

The formation mechanism of the permanganate conver-
sion coating on the AZ91D is proposed as the follows. Upon
immersion in acidic permanganate/manganese (II) solution,
the oxidation and dissolution of the AZ91D substrate pro-
ceeds mainly at the a phase, which is chemically more active
than the b phase [16], as shown by Eqs. (1) and (2). The
reduction reactions then take place via Eqs. (3)–(5),
including the hydrogen discharge and the reduction of
MnO�

4 to Mn2+ or MnO2. These reduction reactions prevail
at the b phases, as evident from the result that the relatively
large MnO2 particles mainly reside on the b phase. Mean-
while, hydrogen discharge results in a pH rise at the
AZ91D/solution interface, which, in turn, triggers the
Guyard reaction and the precipitation of Mg(OH)2. As a

Fig. 1 The remaining permanganate concentration of conversion
solutions as a function of time
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result, the coating on the b phase contains more MnO2

particles than that on the a phases.

Mg ! Mg2þ þ 2e� ð1Þ

Al ! Al3þ þ 3e� ð2Þ

2Hþ þ 2e� ! H2 ð3Þ

MnO�
4 þ 8Hþ þ 5e� ! Mn2þ þ 4H2O ð4Þ

MnO�
4 þ 4Hþ þ 3e� ! MnO2 þ 2H2O ð5Þ

The dissolved Mg2+, in one hand, results in the precipi-
tation of Mg(OH)2. On the other hand, in the solution con-
taining F−, Mg2+ can react with F− to form MgF2 [17]. It is
likely that the precipitation of MgF2 occurs mainly at the a

Fig. 2 Surface morphology of
the permanganate conversion
coating formed in the solution
without the addition of F− under
a low magnification, b magnified
view

Table 1 The EDS results of the
spot marked by 1, 2, 3, and 4 in
Figs. 1 and 2

Spot O Mg Al Mn F

1 35.28 32.17 6.71 25.83 –

2 17.32 68.42 3.10 11.16 –

3 12.94 58.33 23.04 4.36 1.33

4 4.57 89.69 3.62 0.86 1.25

Fig. 3 Surface morphology of
the permanganate conversion
coating formed in the solution
with the addition of F− under
a low magnification, b magnified
view

Fig. 4 The cross-sectional SEM
micrograph of the permanganate
conversion coating on AZ91D
formed in the solution a without
and b with the addition of F−
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phases, i.e., anodic sites compared to the b phase. The
protective MgF2 reduces the chemical activity difference
between the a and b phases. Consequently, the galvanic
corrosion appearing between the a and b phases is retarded
to some extent, which results in a thin, continuous per-
manganate conversion coating on both the a and b phases.

Corrosion Resistance of the Permanganate
Conversion Coating

Figure 6 shows the Nyquist plots of the bare AZ91D and the
permanganate conversion coating on AZ91D formed with
and without F−. The Nyquist plot of the bare AZ91D dis-
played two well-defined capacitive loops appearing at high
and medium frequency, respectively, characteristic of the
corrosion behavior of magnesium alloys covered with cor-
rosion products [18]. The Nyquist plot of the permanganate
conversion coating on AZ91D formed without F− had a
diameter larger than that of the bare AZ91D, suggesting the
permanganate conversion coating improves the corrosion

resistance of the AZ91D. A further increase in the diameter
was noted for the permanganate conversion coating on
AZ91D formed with F−. This further increase in the total
impedance is apparently related the presence of continuous,
crack-free conversion coating.

Conclusions

This study investigated the effect of F− in the
permanganate/manganese (II) solution on the microstructure
and corrosion resistance of the conversion coating on the
AZ91D. Based on the titration results, the addition of F− to
the permanganate/manganese (II) solution enhanced the
stability of the solution. Moreover, the SEM characterization
showed that the permanganate conversion coating formed in
the presence of F− was more continuous and free of cracks
compared to the coating formed without F−. As a result, the
resulting coating had larger total impedance than the coun-
terpart formed in the absence of F−. It is likely that MgF2
precipitates on top of the a phase and alleviates the galvanic
corrosion between the a and b phases. A uniform, contin-
uous permanganate conversion coating can thus form on the
AZ91D.
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Corrosion Characteristics of Two Rare Earth
Containing Magnesium Alloys

M. AbdelGawad, B. Mansoor, and A. U. Chaudhry

Abstract
Magnesium (Mg) based alloys have received prevalent
attention, especially in the biomedical, aerospace and
automotive industries due to their low density, moderate
strength and natural ability to degrade. However, wide-
spread use of Mg-based alloys as degradable biomedical
implants still remains a significant technological chal-
lenge because of their rapid corrosion kinetics that leads
to premature loss of mechanical integrity. Addition of
certain alloying elements such as Zinc and Rare Earth
Elements (REs) improve the mechanical and corrosion
response of Mg alloys. In this paper, the mechanical and
corrosion characteristics of two commercially available
RE containing Mg alloys, ZE41 and EZ33 are studied.
Results obtained using hydrogen evolution, weight-loss
measurements, and electrochemistry (PD and EIS) in
comparison with pure Mg data are presented here. These
initial findings indicate that although, ZE41 and EZ33
have the same primary alloying elements, due to the
addition of REs, differences in composition, nature of
precipitates and passivating layer play a key role in
positively impacting the corrosion behavior and hence,
the corrosion rate.

Keywords
Magnesium � Corrosion � Rare earths � ZE41
EZ33 � Electrochemical

Introduction

Magnesium (Mg) and its alloys are light-weight metals that
are characterized by their high strength-to-weight ratios,
high specific mechanical strength and fracture toughness.
They make competitive alternatives to traditional structural
materials especially in aerospace and automotive industries.
In orthopedic applications, the need to address the two major
challenges associated with permanent internal implants i.e.
stress shielding and removal surgeries, triggers the use of
temporary implants made from biocompatible and
biodegradable or bioabsorbable materials with the stiffness
close to that of bones (3–20 GPa). As a result, the attention
towards Mg alloys as biodegradable implants has increased
over the last few years. Mg is present in the human body and
its low density (1.74 g/cm3) is close to the density of the
human cortical bone (1.75 g/cm3). However, the unfortunate
complication is that it can corrode too quickly in the phys-
iological pH (7.4–7.6) and high chloride environment of a
physiological system, which in turn leads to rapid loss of
mechanical integrity earlier than desired to enable fracture
healing. Commercial Mg alloys designed primarily for
structural applications have been considered but they exhibit
rapid degradation kinetics and cytotoxic characteristics.
Magnesium alloys with biocompatible alloying elements are
currently under development. Therefore, to aid such alloy
design efforts it is essential to understand the effect of certain
key alloying additions such as Rare Earths (REs) on the
corrosion characteristics of Mg alloys in chloride
environments.

The corrosion response of pure Mg has been studied
extensively in several papers [1–4]. Pure Mg has a negative
free-corrosion potential and forms a Mg hydroxide Mg(OH)2
film that can provide some protection against corrosion [2].
A phenomenon, known as the negative difference effect
(NDE), has been identified to uniquely impact its corrosion
characteristics. In typical metals, as the applied potential
increases, anodic reaction rates increase and cathodic
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reaction rates decrease. The corrosion reaction of Mg results
in hydrogen evolution during the cathodic partial reaction.
However, it was found that for Mg, increase in applied
potential leads to an increase in the cathodic hydrogen
evolution rate rather than decrease [1–3]. Mg alloys also
experience the NDE during corrosion [1, 4]. The suscepti-
bility of the alloy to corrosion depends on the quality of the
surface film being formed. To improve the stability of the
surface film, several different strategies are employed such
as surface treatment, mechanical processing, and/or intro-
ducing new alloying elements.

Several alloying elements have been identified to
improve the corrosion resistance of Mg. Specifically, alu-
minum, zirconium, zinc, and REs have shown to influence
the microstructure, texture, mechanical properties, and
corrosion characteristics of Mg alloys [2, 5, 6]. REs are
elements that are found in the Earth’s crust, where they tend
to exist in the same ore deposits and exhibit similar
chemical properties [5]. Initially, rare earths were found to
improve the mechanical properties of Mg alloys and hence
were used extensively in automotive, aerospace and
biomedical applications. Tekumalla et al. provided an
extensive overview of the different Mg-RE systems avail-
able in literature and their respective tensile and compres-
sive properties [7]. Siebert-trimmer et al. discussed how the
addition of rare earths resulted in improved creep perfor-
mance of EZ33 (3 wt% RE, 3 wt% Zn) when to compared
to AX30 (3 wt% Al, 0.5 wt% Ca) [8]. Chen et al. studied
the yield strength and elongation at failure of biodegradable
Mg-alloys and showed that Mg-RE alloys usually exhibited
higher strength and better elongation when compare to
other Mg alloys [9]. Ding et al. reported that Cerium,
Lanthanum and Neodymium, enhanced the corrosion
resistance when added to Mg alloys due to the formation of
secondary phases that contributed to the improvement of
their corrosion resistance [5]. Although, there are many
detailed studies on the mechanical behavior of Mg-RE

alloys, the role of RE in influencing the corrosion kinetics
of Mg alloys is rather less reported.

In this initial study, the corrosion response of two com-
mercially available RE containing Mg alloys, ZE41 and
EZ33 and pure Mg was investigated in 3.5 wt% NaCl
solution. The main goal was to analyze the addition of
rare-earths on microstructure and corrosion resistance, as
well the formation and characteristics of respective passi-
vating films. The corrosion response was evaluated by
conducting immersion testing using weight loss and hydro-
gen evolution methods. In addition, to complement the
immersion study, electrochemical techniques including open
circuit potential (OCP), Electrochemical Impedance Spec-
troscopy (EIS) and Potentiodynamic Polarization (PD) were
employed.

Experimental Methods

Materials

The alloys used in this work were commercially obtained in
the form of 12.7 mm thick, cast plates of ZE41 and EZ33 in
T5 temper. The commercially pure Mg was obtained in
homogenized condition, as 2 mm thick sheets with 99.93%
purity. The nominal compositions of all materials are given
in Table 1 [10, 11].

Microstructure and Mechanical Properties

The microstructure and grain size of pure Mg, ZE41 and
EZ33 were examined using optical microscopy. Specimens
were taken from the as-received plates and sheets and
mounted in an epoxy resin. The metallographic preparation
was carried out in the usual manner, which involved
mechanical grinding successively up to 1200 grit SiC paper,

Table 1 Nominal compositions
of ZE41A-T5 and EZ33A-T5 [10,
11]

Element Composition, wt%

ZE41A-T5 EZ33A-T5

Minimum Maximum Minimum Maximum

Zinc 3.5 5.0 2.0 3.1

Total rare earthsa 0.75 1.75 2.5 4.0

Zirconium 0.4 1.0 0.4 1.0

Manganese – 0.15 – –

Copper – 0.10 – 0.1

Nickel – 0.01 – 0.01

Other elements – 0.3 – 0.3

Magnesium Remainder Remainder
aNote Main rare earth elements include Cerium and Lanthanum [12, 13]
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followed by polishing using 3 and 1 micron diamond sus-
pensions. Samples were then washed with ethanol and dried
in air. Etching was done using acetic-picral solution (4.2 g
picric acid, 70 ml ethanol, 10 ml acetic acid and 10 ml
distilled water).

Compression tests were performed for ZE41 and EZ33
using electromechanical MTS Insight 30 kN machine with a
strain rate of 10−4/s at ambient temperature. Vickers
micro-hardness tests were conducted as well with a load of
100 gf for pure Mg and ZE41 and 50 gf for EZ33 with a
dwell time of 10 s.

Weight Loss and Hydrogen Evolution Tests

Weight loss and hydrogen evolution experiments were
conducted simultaneously using the fishing line method as
described by Shi et al. [14]. Metallographic preparation of
the samples was performed using the same procedure as
described above for microstructure sample preparation.
However, before mounting, the sides of the samples were
also grinded to avoid crevice corrosion occurring at the
edges which could influence weight loss results. A reference
was also prepared out of epoxy with a similar size as the
mounted samples but without a test specimen. The weight
loss readings from the reference was used to eliminate any
influence due to the epoxy mount. A 1.5 mm hole was
drilled towards the top of each of the mounted samples and a
fishing line was used to suspend the specimens inside a
beaker filled with the electrolyte (3.5 wt% NaCl). An
inverted funnel fixed with a burette on top of the suspended
specimen was used to collect the hydrogen gas. The burette
was initially filled with solution, and the amount of hydro-
gen evolution read and converted into corrosion rate using
the following formula [14]:

CRðmm/yrÞ ¼ 2:279
� Volume of hydrogen evolved ml/cm2=day

� �

ð1Þ
After hydrogen evolution readings were taken, samples

were removed and rinsed carefully with distilled water, air
dried and weighed. Weight loss was calculated and corrosion
rate determined using the formula below [15]:

Weight loss and hydrogen evolution readings for ZE41
and EZ33 were taken every 24 h over a period of seven
days. However, for pure Mg, weight loss readings were
taken every 3 h while hydrogen evolution readings were
taken every hour.

Electrochemical Tests

Samples for electrochemical tests were prepared by cutting
1.5 cm by 1.5 cm coupons out of the as-received sheets and
plates and grinding all sides up to 600 grit, while grinding
one side up to 1200 grit SiC paper. The finely grinded side
was then polished using 3 micron diamond suspensions and
exposed as the working electrode.

Corrosion tests were performed under naturally aerated
conditions using Gamry series G 300™ Potentiostat/
Galvanostat/ZRA. The electrochemical behavior of pure
Mg, ZE41 and EZ33 were studied in 3.5 wt% NaCl aqueous
solution in a closed Gamry Paracell™ with each of the
prepared samples as the working electrode, a graphite plate
as the counter electrode, and Ag/AgCl as the reference
electrode. The working volume of the corrosive solution was
kept as 350 ml and exposed areas for working and counter
electrode were 1 cm2. Different corrosion studies were per-
formed, starting from open circuit potential (OCP) followed
by Electrochemical Impedance Spectroscopy (EIS) and
Potentiodynamic Polarization (PD) for different periods of
immersion up to 3 h. EIS was conducted by sweeping the
frequency from 105 to 10−2 Hz at 10 mV AC amplitude
whereas for PD, electrodes were scanned from −2.5 to
+0.5 V with scan rate of 1 mV/s.

Results and Discussion

Microstructure Analysis

Microstructures of pure Mg, ZE41 and EZ33 are shown in
Fig. 1 and their respective grain sizes summarized in
Table 2. Structure of pure Mg is formed predominantly of
equiaxed grains with some twinning occurring within the
grains. Both ZE41 and EZ33 are considered part of the same
alloy group, Mg–Zn–RE–Zr and therefore are expected to

CRðmm/yrÞ ¼ weight loss gð Þ
surface area mm2ð Þ � density g/mm3

� � � time hð Þ

" #

� 8760 yr�1 ð2Þ
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have similar microstructures [16]. In T5 condition, both
alloys have equiaxed a-Mg matrix structure and a eutectic
microconstituent referred to as the T-phase located along
and/or adjacent to the boundaries of the a-Mg. The com-
position of the eutectic microconstituent is Mg7Zn3RE,
which has been widely reported in literature [12, 17, 18].
However, for EZ33, the phase found at the grain boundaries
is believed to be an intermetallic phase of Mg12RE and
doesn’t contain any Zn [16]. This difference could be
attributed to the higher content of rare earths found in EZ33;
EZ33 has about 3 wt% REs compared to 1 wt% in ZE41
(Table 1). Furthermore, the volume fraction of intermetallic

phases found adjacent to the grain boundaries was noticed to
be higher in EZ33 than ZE41. Ding et al. concluded that the
increased volume fraction of the secondary phases was due
to the increase in the concentration of rare earths [18]. In
addition, some particles were found within ZE41 grains with
a dark region around it. Neil et al. analyzed these particles
and identified them as Zr-rich intermetallic particles playing
a significant role in the corrosion mechanism of ZE41, as
will be shown later in the immersion test results [12, 17, 18].
However further studies need to be done using energy dis-
persive X-ray spectroscopy (EDS) to confirm the composi-
tion of these particles.

Zr-rich 
par cle

Fig. 1 Microstructure of pure Mg (top), ZE41A (bottom left) and EZ33A (bottom right)

Table 2 Summary of
microstructural and mechanical
properties of ZE41 and EZ33

Alloy Yield strength
(MPa)

Compressive
strength (MPa)

Compressive
strain (%)

Hardness
(HV)

Grain size
(µm)

Pure
Mg

– – – 34.92 49.5

ZE41 130 345 24 62.99 39.5

EZ33 90 359 32 53.34 40.1
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Mechanical Properties

Figure 2 shows the stress-strain curves of ZE41 and EZ33
under compressive loading, and their respective mechanical
properties summarized in Table 2. The ultimate compressive
strength (UCS) and ductility were both higher for EZ33
compared to ZE41, however, the yield strength was lower.
The increase in ductility and UCS are possibly linked to the
weakening of basal texture due to the REs. However, the
impact of REs on texture of Mg alloys is not the focus of this
study. In addition to texture, as reported in literature, rare
earths do tend to have a positive effect on the strength and
ductility of Mg alloys due to the formation of the hard
eutectic phases and secondary intermetallic phases [7].

The Vickers microhardness values for pure Mg was
34.92. The microhardness values for ZE41 and EZ33 were
62.99 and 53.34 respectively, indicating that the addition of
REs to pure Mg increased the hardness due to presence of
the eutectic and secondary phases, as explained earlier. With
an increased volume fraction of REs, EZ33 showed a lower
hardness value than ZE41 which was in agreement with its
lower compressive yield strength in comparison with ZE41.

Immersion Test Results

Corrosion rates via weight loss are shown in Fig. 3 below
for pure Mg, ZE41 and EZ33. Pure Mg was shown to exhibit
a rigorous corrosion behavior with an average corrosion rate
of 478 mm/yr. The rapid corrosion of pure Mg was believed
to be due to the presence of chloride ions in the electrolyte.
The oxide film that initially forms on Mg is usually vul-
nerable to corrosion when exposed to chloride-containing
solutions resulting in rapid initiation of pitting corrosion [2,
4, 6]. In contrast, ZE41 and EZ33 both showed a much

slower corrosion behavior with the corrosion rate of ZE41
being about four times faster than that of EZ33. For both
alloys, corrosion rates were increasing and then stabilized
after 4 days. The same trend was also seen in hydrogen
evolution results (Fig. 4). Pitting corrosion was observed in
Mg during the first hour of sample immersion and within
36 h, the sample was completely dissolved. Therefore, it was
essential to take readings every hour instead of every 24 h as
in the cases of ZE41 and EZ33. In summary, the corrosion
rate of pure Mg was two orders of magnitude higher than
both ZE41 and EZ33, while among the two Mg-RE alloys,
ZE41 corrosion rate was around four times higher than
EZ33.

Although, ZE41 and EZ33 showed similarities in their
microstructure, they exhibited distinct corrosion character-
istics. Figure 5 shows the progression of corrosion behavior
of ZE41 and EZ44 samples after 24 h of immersion and at
the end of the seven days. Overall, the corrosion of ZE41
showed more pitting than that of EZ33. The active corrosion
area in EZ33 was relatively more uniform, with localized
pitting corrosion around one of the edges. Neil et al. pro-
posed a corrosion mechanism for as-received ZE41 in
chloride-containing solution [17, 19]. Corrosion was
believed to initiate close to the eutectic T-phase around the
grain boundaries. As the alloy continues to be exposed to the
electrolyte, corrosion starts to happen around the inter-
metallic Zr-rich particles and eventually produces large
“crates” which can be clearly seen in the stereoscopic images
of the corroded samples at the end of the immersion tests
(Fig. 6). This behavior was not seen in EZ33 which is an
indication that the EZ33 developed a surface film that pos-
sibly was able to resist the initiation of corrosion better than
ZE41. Electrochemical tests were performed to study the
development and progression of the surface films developed
on each of the materials.

Electrochemical Analysis

Figure 7 below represents the measured open circuit
potential (OCP) for pure Mg, as-received ZE41 and EZ33.
For pure Mg, the potential increased for the first 30 min
which indicated the initial formation of a passive layer, Mg
(OH)2. As time progressed, the potential decreased as the
protective layer started to disintegrate since it was being
attacked by Cl− ions. ZE41 showed a relatively uniform
corrosion rate, which was also seen during the hydrogen
evolution and weight loss analysis. It should be noted that
during the first 10 min of immersion, ZE41 was at a higher
potential than pure Mg, which indicated that a passive layer
had already started to form. However, this surface layer was
unstable and slowly began to disintegrate (as shown in EIS
results in the next section) but it still offered some minimal

Fig. 2 Stress-strain curve of ZE41 and EZ33 under compressive
loading
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protection that resulted in improved corrosion rates when
compared to pure Mg.

On the other hand, the OCP of EZ33 was higher than
both pure Mg and ZE41 and continued to increase proving
that a more stable, protective surface film was being formed
and its thickness was increasing. After about 60 min of

immersion, the potential still increased but at a much lower
rate and was still higher than pure Mg and ZE41. Therefore,
although the decrease in rate indicated that the thickness of
the film was decreasing, EZ33 still showed a higher OCP
and hence lower corrosion rates than the two other
materials.

Fig. 3 Corrosion rates of pure Mg (left), ZE41A and EZ33A (right) determined using the weight loss method

Fig. 4 Corrosion rates of pure Mg (left), ZE41A and EZ33A (right) determined using the hydrogen evolution method

ZE41
ZE41EZ33 EZ33

Fig. 5 Images of ZE41 and EZ33 samples after 24 h (left), and after seven days (right)
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Overall, the addition and increase in vol.% of rare earths
seemed to provoke an increase in OCP. As the concentration
of rare earths was increased in EZ33 (EZ33 has about 3 wt%
REs compared to 1 wt% in ZE41), the OCP showed more
positive values which strongly indicated the formation of a
surface film. In addition, secondary phases in Mg alloys tend
to be more stable than the a-Mg matrix and in the case of
ZE41 and EZ33 have a higher positive potential than the
matrix [5]. Therefore, it is expected that EZ33 and ZE41
would have higher OCP potentials than pure Mg, and
specifically EZ33 would have the higher OCP due to the
higher vol.% of RE component in the solid solution, as well
as a higher volume fraction of intermetallic secondary pha-
ses, as explained earlier.

Potentiodynamic polarization results for all three materi-
als are shown in Fig. 8 below and are in agreement with the
OCP results presented earlier. ZE41 and EZ33, both have
increased corrosion potentials compared to pure Mg due to
the presence of rare earths, similar to what was shown in
Fig. 7. Due to the higher content of rare earths in EZ33, its
corrosion potential showed a more positive value than ZE41.
In order to further understand the role of rare earths alloying
additions, on the corrosion of Mg, Gusieva et al. demon-
strated the electrochemical impact of different alloying ele-
ments on the polarization curve of Mg [6]. Their study
concluded that Cerium and Lanthanum, which are the main
rare earths found in ZE41 and EZ33, tend to increase the
corrosion potential while enhancing the cathodic kinetics,
when added to Mg. This trend is consistent with the present
findings from the PD plots shown in in Fig. 8.

The values of the corrosion current were determined
using Tafel extrapolation from the PD curves in Fig. 8.
Table 3 compares the corrosion rates obtained by weight
loss and hydrogen evolution measurements (Figs. 3 and 4)
and Tafel extrapolation. The corrosion rates obtained using
Tafel extrapolation are quite different than those obtained
using hydrogen evolution or weight loss measurements.
However, this difference has been experienced and widely

Fig. 6 Stereoscopic Images of ZE41 (left) and EZ33 (right) samples after seven days of immersion
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Fig. 7 Evolution of open circuit potential of pure Mg and alloys
during 3 h immersion in 3.5 wt% NaCl

Fig. 8 Potential versus log (i) profiles of pure Mg and alloys obtained
after 3 h of immersion in 3.5 wt% NaCl
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discussed in literature especially during the assessment of
Mg corrosion [12, 20, 21]. In order for the Tafel extrapo-
lation method to give a correct estimate for the corrosion
rate, a single anodic or cathodic reaction has to occur [12].
During the corrosion of Mg and its alloys, the surface film
begins to breakdown when the applied potential increases.
As the potential reaches the pitting potential, the hydrogen
evolution reaction is also increased resulting in the negative
difference effect. This does not allow for the accurate mea-
surement of the corrosion currents from the Tafel extrapo-
lation, hence impacting the estimated corrosion rates.
Nonetheless, the corrosion rates obtained using Tafel
extrapolation were in agreement with those found in the
literature [12, 19].

In order to provide further insight on the nature and
properties of the surface films being formed and the corrosion
characteristics of the three materials, results from Electro-
chemical Impedance Spectroscopy (EIS) were analyzed
using Nyquist plots and relevant model circuits. Figure 9
shows the evolution of the Nyquist spectra of ZE41 and EZ33
as time progresses. Generally, EZ33 revealed higher impe-
dance levels than ZE41 and therefore higher corrosion
resistance. This agrees with previously obtained results from

weight loss, hydrogen evolution and other electrochemical
tests. From the OCP and immersion results, it was concluded
that ZE41 exhibits a uniform corrosion with the possibility of
a surface film forming during the first 10 min but starts to
slowly degenerate as time increases. Impedance levels for
ZE41 were at their highest values at 10 min, even higher than
EZ33 (Fig. 10) which correlates with the existence of a
passive film. However, soon after, it started to decrease
continuously until the end of 180 min indicating that the film
is less protective and slowly deteriorating. On the other hand,
the impedance of EZ33 continued to increase until 50 min,
after which it started to decrease until it reached its lowest
value at 180 min. The increase in impedance values until
50 min showed the thickening of the protective film being
formed at the surface of the alloy which was also noticed in
OCP results. The decrease in the impedance values indicated
that the film being formed is saturated with aggressive Cl−

ions and becomes partially protective since the impedance
values are still higher than ZE41.

Furthermore, the impedance spectra for the three mate-
rials were fitted with equivalent circuits. Figure 10 shows
the impedance results with their respective fits for the pure
Mg, ZE41 and EZ33 after 10 min and after 180 min. The

Table 3 Comparison of
corrosion rates obtained through
different measurement techniques
for Pure Mg, ZE41, and EZ33 in
3.5 wt% NaCl solution

Alloy Hydrogen
evolution rate
(ml/cm2)

Corrosion
rate
(mm/yr)

Average
weight loss
(g)

Corrosion
rate
(mm/yr)

Tafel extrapolation
(Icorr) (mA/cm2)

Corrosion
rate
(mm/yr)

Pure
Mg

209.87 478.30 0.12 316.03 2.82 63.1

ZE41 4.77 10.87 0.061 6.41 0.128 2.9

EZ33 2.09 4.77 0.015 1.59 0.348 7.9
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equivalent circuits developed to produce the fitted impe-
dances are shown in Fig. 11 with the numerical results of the
fitting procedure presented in Table 4.

The equivalent circuit used for pure Mg (Fig. 11a) was
proposed in [21]. CPE1 (constant phase element—Y1

and a1) and C2 represent the capacitance of the
oxide/hydroxide layer and the double layer capacitance
respectively. R1 and RL represent resistances that describe
the environmental changes occurring around the alloy, such
the presence of bubbles, L represents the inductance
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Fig. 10 Nyquist plots of pure Mg, ZE41 and EZ33 immersed in 3.5 wt% NaCl after 10 min (left) and 180 min (right) along with the respective
fits from equivalent circuits

Fig. 11 Equivalent circuits used for the fitting of EIS data for a pure Mg after 10 and 180 min, b ZE41 after 10 min, c ZE41 after 180 min,
d EZ33 after 10 min and e EZ33 after 180 min of immersion in 3.5 wt% NaCl solution
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associated with the variation in the anodic regions, and
finally, R2 represents the charge transfer resistance related
to the hydrogen evolution reaction [21]. The same circuit
was found to fit the impedance results for EZ33 after 10 and
180 min of immersion with the exception of RL (Figs. 11d,
e). More insight is needed as to why RL exists after 180 min
and not after 10 min. For ZE41, after 10 min of immersion,
one capacitive loop and one inductive loop was found to be
sufficient to provide a good fit with the measured results
(Fig. 11b) where R1 represents the charge transfer resis-
tance related to the hydrogen evolution reaction. After
180 min, ZE41 impedance values were best fitted with
Voight circuit (Fig. 11c). This specific circuit model usually
implies that the passive film is composed of two distinct
layers. Currently, there is not enough data to proof this and
so further analysis is required. In general, the fitted impe-
dance values and measured values were closely similar as
shown in the Nyquist plots in Fig. 10. It should be noted
that the capacitive elements were sometimes represented
using constant phase elements and they showed a good fit
with experimental data. The error percentage between
the simulated and measured data was found to be approxi-
mately 10%.

Conclusions

The following are the conclusions of this work:

1. Compression testing revealed that the increase in volume
fraction of REs helps in improving the mechanical
properties. EZ33 showed higher ultimate compressive
strength as compared to ZE41, but the YS of ZE41 was
higher and so was the Vickers microhardness.

2. ZE41 and EZ33 both exhibited slow corrosion rates
compared to Pure Mg during immersion testing. The
presence of Cl− ions were believed to attack the oxide
film being formed on pure Mg, resulting in pitting cor-
rosion and the accelerated corrosion response.

3. ZE41 had a corrosion rate four times faster than EZ33
and displayed more pitting corrosion during immersion

testing. Meanwhile, the active corrosion area in EZ33
was relatively more uniform. Stereoscopic images
revealed that the corrosion mechanism of ZE41 resulted
in large crates due to corrosion occurring around inter-
metallic Zr-rich particles. This behavior was not seen in
EZ33 which indicated that a surface film was formed
resisting the initiation of corrosion due to the higher
content of rare earths.

4. The presence of rare earths provoked an increase in OCP
to more positive values indicating the formation of a
surface film. Therefore, ZE41 and EZ33 had higher OCP
potentials than pure Mg with EZ33 having the most
positive OCP due to the larger volume fraction of inter-
metallic secondary phases. A similar trend of potential
values were also observed in PD results.

5. Tafel extrapolation was used to calculate the corrosion
rates from PD plots and were compared with results from
immersion testing. The distinct difference found in the
results from Tafel extrapolation was related to the neg-
ative difference effect that caused the Tafel method to
produce inaccurate estimates, as shown in the literature.

6. Nyquist plots were able to show the initiation and pro-
gression of the surface films being formed on all three
alloys. Overall, EZ33 showed higher impedance levels
than ZE41 indicating higher corrosion resistance and a
stronger surface film. Initially, a passive film was formed
on ZE41 since the impedance levels were at their highest
during the first 10 min of immersion. However, the film
was not able to sustain its integrity, as the impedance
values continued to decrease. On the other hand, the
thickness of the surface film on EZ33 was increasing
until 50 min of immersion, but the values also started to
decrease indicating that the film being formed was
becoming partially protective.

7. The fitted parameters derived from the equivalent circuits
for the three alloys provided preliminary understanding
of the structure of the developed surface films and pre-
sented a good fit with experimental data with an error of
approximately 10%. However, further investigation is
needed on the reasons why certain equivalent circuits
produced good fits with the experimental data.

Table 4 Fitting results for
Electrochemical Impedance
Measurements made on Pure Mg,
ZE41, and EZ33 in 3.5 wt% NaCl
solution at open circuit after 10
and 180 mins, as per the
equivalent circuits shown in
Fig. 9

Pure Mg EZ33 ZE41

Immersion time 10 min 180 min 10 min 180 min 10 min 180 min

R1 (Ohm cm2) 7 10.3 351 200 385 92.51

R2 (Ohm cm2) 10.1 4.5 195 125 – 31.05

C1 (F/cm
2) 6.39 � 10−05 4.22 � 10−03 2.24 � 10−05 1.42 � 10−04 1.59 � 10−05 8.22 � 10−02

C2 (F/cm
2) 1.51 � 10−04 4.46 � 10−04 2.27 � 10−03 2.72 � 10−03 – 9.67 � 10−05

RL (Ohm cm2) 11.9 24 – 227 120 100.3

L (H cm2) 53 4.6 2.39 � 1004 1.39 � 1003 578 745
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Surface and Interfacial Energies
of Mg17Al12–Mg System

Fangxi Wang and Bin Li

Abstract
For upscale simulation and modeling of magnesium
alloys, data of surface and interfacial energies are critical.
In this work, we calculated the surface energies of
Mg17Al12 b-phase with different surface configurations
by using molecular dynamic simulations. Surface termi-
nations were carefully selected to calculate the energy of
b-phase. The lowest energy surface for each crystallo-
graphic plane was determined by varying the surface
termination. The results show that surfaces occupied by
higher fraction of magnesium atoms generate lower
surface energies. The interfacial energy for Mg17Al12
b-phase and Mg matrix was calculated as well based on
the Burger’s orientation relationship. We found that the
lowest energy surface of Mg17Al12 does not generate the
lowest interfacial energy. The interfacial energy for
Mg17Al12 b-phase and a 10�12f g twin was also calculated.
The interfacial energy increases by *250 mJ/m2 due to
the change in orientation relationship between Mg17Al12
and the matrix after twinning.

Keywords
Mg17Al12 b-phase � Surface termination � Surface
energies � Interfacial energy � Atomistic calculations

Introduction

Magnesium (Mg) alloys have great potential for applications
in automobile, aerospace, and other industries [1] due to
their relative low densities and high specific strength [2, 3].
Magnesium–aluminum alloys are the most common com-
mercial Mg alloys and have been widely used as model

alloys for research [4]. In these alloys, b-phase (Mg17Al12) is
the primary equilibrium precipitates in the AZ series Mg
alloys. From the literature [5], there are two types of mor-
phology for Mg17Al12: continuous precipitation and dis-
continuous precipitation. The discontinuous precipitation is
usually occurred at high grain boundary, and the precipitate
growth cellularly to give alternating layers of b-phase and
matrix. The continuous precipitation forms large plate
b-Mg17Al12 at the rest area of the matrix where is no dis-
continuous precipitation [6], and the b-Mg17Al12 prefers the
Burgers orientation relationship (OR) with magnesium
matrix, i.e., 0001ð ÞMgjj 011ð ÞP; 2�1�10½ �Mgjj 1�11½ �P [5–7].

It is well known that Mg17Al12 precipitates influence the
mechanical behavior of Mg alloys [8]. Robson et al. dis-
cussed the effect of precipitates on strengthening considering
the precipitate hardening against slip and twinning [9]. They
calculated precipitate hardening effect based on Orowan’s
mechanism. They found that the basal plate precipitates were
inefficient to block basal slip, but it hindered twinning
growth, because precipitates provided the maximum
back-stress and prevented plastic relaxation in the twin. Liao
et al. studied the interaction between both prismatic slip and
basal slip with a Mg17Al12 precipitate in magnesium using
molecular dynamics simulations. Their results indicated that
both a basal dislocation is able to pass the precipitate without
strong interaction, whereas a prismatic dislocation may cut
through the precipitate [10, 11]. They also showed that the
interface between the precipitate and the matrix was inco-
herent and the interfacial strength was weak to hinder dis-
location slip. Li and Zhang showed that the twinning shear
for 10�12f g 10�1�1h i mode should be zero [12]. Consequently,
twin-precipitate interaction should be minimal, which
explained why precipitate hardening in magnesium alloy is
not as effective as alloys with cubic structures [8]. It was also
reported that Mg17Al12 phase influences the corrosion
behavior [13, 14] because of the free corrosion potential of
the b-phase is relative more positive in the electrolyte.
Mg/Mg17Al12 interfaces can act as a source of crack initia-
tion [15].
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Despite the extensive research on precipitation in Mg
alloys, key information of surface and interfacial energies is
missing. For upscale simulation and modeling, such energies
between Mg17Al12 and Mg matrix are critically important.
Han et al. studied morphological evolution of Mg17Al12
phase using phase field simulation. Anisotropy of interfacial
energy and interface mobility, and elastic strain energy was
considered [16–18]. How the energy data was calculated was
not shown [19]. Hutchinson calculated the interfacial ener-
gies in [5], but only the average interfacial energies for
Mg17Al12/matrix was considered, but the effect of surface
termination of Mg17Al12 was not considered. Xiao et al. [20]
calculated the surface energies of the precipitate for several
planes using atomistic simulation but surface termination
was not considered as well.

In this paper, we calculated the surface energies of
Mg17Al12 b-phase with different surface configurations by
using atomistic simulation. Surface terminations were care-
fully selected to calculate the energy of Mg17Al12. The in-
terfacial energy between Mg17Al12 and Mg matrix was
calculated as well based on the Burger’s orientation rela-
tionship. Because twinning changes the orientation rela-
tionship, the interfacial energy between Mg17Al12 and
matrix after 10�12f g twinning was also calculated.

Simulation Method

The EAM [21] interatomic potential for Mg and Al devel-
oped by Liu et al. [22] was used in our molecular dynamics
simulations. This potential has been used in extensive ato-
mistic simulations of physical properties of Mg and Mg
alloys [23–26]. Simulation package XMD was used to per-
form the calculations, and visualization program Ovito [27]
was used for graphic presentations.

The Dimensions of the simulation system are 42(X) �
42(Y) � 11(Z) nm3 (Fig. 1a). The orientations are
X � 100½ �; Y � 010½ �; Z � 001½ �. The time step size is 3 fs.
The system was relaxed for 10,000 time steps (30 ps) to the
local minimum potential energy before the surface energy
calculation. The temperature for the system was constant at
10 K. Free surfaces were applied to the system. The total
number of atoms of the system was about 928,000. To cal-
culate the surface energy of the bottom xy-surface (bottom
(001) plane), a box A with the dimension 20(X) � 20(Y) �
3(Z) nm3 (35,811 Mg atoms and 25,486 Al atoms) was

selected in the center of the above relaxed simulation cell, and
the average potential energy per atom for each typeof atoms
was calculated. Another box B with dimension 20(X) �
20(Y) � 5(Z) nm3 (59,019 Mg atoms and 41,880 Al atoms)
which contains part of the bottom -surface was selected, and
the average potential energy per atom was calculated.
The surface energy c was given by

c ¼ ðE0
Mg � EMgÞ � NMg þðE0

Al � EAlÞ � NAl

A

Where EMg and EAl are the average potential energies per
atom for Mg and Al from box A; E0

Mg and E0
Al are the

average potential energies per atom for Mg and Al from box
B; NMg and NAl are the number of Mg and Al atoms in
box B; A is the area of the precipitate bottom xy-surface in
box B. Figure 1b shows the schematic view of the above
calculation methods. The surface energy of each termination
was calculated. Then, the system was reoriented to the
directions X � �2�11½ �; Y � 1�11½ �; Z � 011½ �, and the surface
energies were calculated similarly. The system shows peri-
odicity in all three axes. To find the lowest surface energy
termination, we removed the outermost atoms of each sur-
face layer by layer until periodicity is reached, and then
calculated the surface energies of different terminations
using the above methods. The lowest energy surface termi-
nation, as well as the highest energy surface termination can
then be determined. Figure 2a shows the (010) surface
configuration of the precipitate and Fig. 2b shows the
reoriented (�2�11) surface configuration.

In the calculation of the interfacial energy of the bottom
xy-surface (bottom (011) plane) of the reoriented precipitate
and the Mg matrix, the dimensions of the system are
29(X) � 29(Y) � 56(Z) nm3. The systemwas constructed in
the Burger’s OR (Fig. 3), and six surfaces of the precipitate
were the lowest surface energy termination. The system was
relaxed for 20,000 time-steps. Free surfaces were applied to
the system. The total number of atoms was about 2,244,481.
After relaxation, box A and box B with the dimension
10(X) � 10(Y) � 10(Z) nm3 were selected inside the pre-
cipitate and matrix, and the average potential energy per atom
for each type of atoms was calculated. Another box C with
dimension 20(X) � 20(Y) � 7(Z) which contains the
matrix/precipitate interface was selected, and the average
potential energy per atom for each type of atoms was calcu-
lated as well. The interfacial energy was given by

Interfacial enegy ¼ Eð 0
Mg mð Þ�EMg mð ÞÞ � NMg imð Þ þ Eð 0

Mg pð Þ�EMg pð ÞÞ � NMg ipð Þ þ Eð 0
Al pð Þ�EAl pð ÞÞ � NAl ipð Þ

A
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where EMg pð Þ and EAl pð Þ are the average potential energies
per atom for Mg and Al in box A; EMg mð Þ is the average
potential energy per atom for Mg in box B; E0

Mg pð Þ and E
0
Al pð Þ

are the average potential energies per atom for Mg and Al in
the precipitate in box C; E0

Mg mð Þ is the average potential

energy per atom for Mg in the matrix in box C; NMg ipð Þ and
NAl ipð Þ are the number of Mg and Al atoms in the precipitate
in box C; NMg imð Þ is the number of Mg from the matrix in box
C;; A is the area of the matrix/precipitate interface in box C

(Fig. 4). Then, the matrix was rotated along the 2�1�10½ � for
90°, and the new interfacial free energies were calculated as
well.

Results and Discussion

The surface termination for the original Mg17Al12 b-phase
simulation system shows the same periodicity along the
three axes. Each repetition contains 12 atomic layers
(Fig. 2a) (Mg atoms in red and Al atoms in blue). Therefore,
we calculated the surface energies for all the 12 layers as
bottom surface. We found that the lowest surface energy
termination appears when the 8th atomic layer becomes the
surface for this structure (Fig. 5a), and the surface energy
equals 742.7 mJ/m2. The highest surface energy termination
gives the surface energy about 980 mJ/m2 on the 10th
atomic layer (Fig. 5b).

For the reoriented b-phase, it shows periodicity along
each axis (Fig. 2b). Along the positive 1�11½ � direction, the
structure repeats every 9 atomic layers. However, this case
does not show central symmetry as the structure before
reorientation. Therefore, the layer structure underneath a
specific top or bottom atomic surface will be different, and
so will be the surface energies. Figure 6 shows such differ-
ences in detail. Considering the 6th atomic layer becomes
the bottom 1�11ð Þ surface (Fig. 6a), the underneath atom
layers will be layer 7–9 in one period. This termination
shows the lowest surface energy of about 775.6 mJ/m2. For
the top 1�11ð Þ surface, the lowest energy termination is the
second layer (Fig. 6c). The surface energies results are
summaries in Table 1.

For the (011) surface, there is only one result because the
atom layers show axial symmetry. The (011) surface energy
shows a value close to Xiao’s result [20] which is
716 mJ/m2. Other surface energies reported by Xiao [20] fall
within the range of our calculations. Because no details how
surface termination was chosen was provided, discrepancies
may incur. Ning et al. calculated the surface energy for
(001) plane with atomic layer 1 as the surface by using

Fig. 1 a The 3-D view of the simulation system for Mg17Al12. b The
schematic view of the calculation method for surface energies
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density functional theory calculation [28]. The value is
799 mJ/m2, which is slightly higher than the result in our
calculation (783 mJ/m2). For BCC and FCC structures, the
closed packed plane surface will usually give the lowest
surface energies [29, 30]. Mg17Al12 has a BCC structure, the
(011) surface indeed provide the lowest surface energy of

715.7 mJ/m2. In our result, Fig. 6a shows the atom layers 6–
9 which has a high atomic density gives the lowest surface
energies for bottom 1�11ð Þ plane, but Fig. 6c indicates the
lowest energy surface termination is not provide by the same
layers for top 1�11ð Þ plane. Therefore, the atom layers with
higher atomic density do not necessarily give the lowest

Fig. 2 a The (010) surface
configuration of the simulation
system for Mg17Al12. b The
reoriented (�2�11) surface
configuration
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surface energies. Additionally, Figs. 5b and 6b, d show the
highest surface energy terminations and these surfaces have
more Al atoms. In contrast, surfaces occupied by a higher
fraction of magnesium atoms generate lower surface
energies.

Lowest surface energies termination is then used to cal-
culate the interfacial energies based on the Burger’s OR.
After 10�12f g twinning, the OR changes because the Mg
matrix was reoriented by *90° around the zone axis
2110
� �

. The interfacial energies between Mg17Al12 and a

twinned matrix was calculated as well [31]. The results are
shown in Table 2.

In this case, the lowest energies surface termination
generates a relative low interfacial energy about 250 mJ/m2,
which falls in the range of 140–390 mJ/m2 in [17]. In [5],
the interfacial energy was 430 mJ/m2, and the author
showed the effective interfacial energy of nucleation of
Mg17Al12 was 114 mJ/m2 by using assessed thermody-
namics. Li et al. assumed the interfacial energy of
semi-coherent interfaces parallel to the basal planes was 60

Fig. 3 Schematic 3-D view of the simulation system for interfacial
energies calculation with the Burger’s OR

Fig. 4 The schematic view of the calculation methods for interfacial
energies calculation

Surface and Interfacial Energies of Mg17Al12–Mg System 59



Fig. 6 The side view of the surface termination for reoriented
Mg17Al12 b-phase, 1�11ð Þ plane. a Lowest surface energy termination
(atom layer 6; bottom 1�11ð Þ plane) for reoriented b-Mg17Al12; b highest
surface energy termination (atom layer 9; bottom 1�11ð Þ plane) for

reoriented b-Mg17Al12; c lowest surface energy termination (atom layer
2; top 1�11ð Þ plane) for reoriented b-Mg17Al12; d highest surface energy
termination (atom layer 3; top 1�11ð Þ plane) for reoriented b-Mg17Al12

Fig. 5 The side view of the surface termination for Mg17Al12 b-phase without reorienting, (001) plane. a Lowest surface energy termination
(atom layer 8; bottom 001ð Þ plane); b highest surface energy termination (atom layer 10; bottom 001ð Þ plane)
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and 100 mJ/m2 for incoherent interfaces [19]. Our results
show that, for the incoherent interfaces with the Burger’s
OR, the interfacial energy should be higher than the reported
values. Additionally, the lowest energy surface of Mg17Al12
does not generate the lowest interfacial energy. The inter-
facial energy the (011) surface plane of Mg17Al12 increases
by *250 mJ/m2, which indicates that the prismatic plane of
the matrix has higher bond strength with the b-phase
(011) surface than that of basal plane.

Conclusion

In this work, we provided detailed calculations of the surface
energies and interfacial energies between Mg17Al12 and Mg
matrix, using molecular dynamic simulations. Atomic layers
were carefully selected to find the lowest surface energy
termination for each crystallographic plane of Mg17Al12 b-
phase. The surface energies vary as the surface structure
changes. Generally, surfaces with higher fraction of mag-
nesium atoms generate lower surface energies. The lowest
surface energies termination of Mg17Al12 does not generate
the lowest interfacial energies. The interfacial energy
increases by*250 mJ/m2 for Mg17Al12 b-phase (011) plane
after a 10�12f g twinning.
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Effect of Ca on the Microstructure
and Mechanical Properties in Mg Alloys

E. I. Andritsos, G. C. G. Skinner, and A. T. Paxton

Abstract
Rare Earth (RE)-free Mg alloys suffer from low forma-
bility due to strong textures and highly anisotropic
deformation modes. In the present study, we examine
the effects of Ca addition on microstructure and mechan-
ical properties of Mg–Li–Ca and Mg–Zn–Ca alloys.
Based on experimental observations, Ca is reported as the
element that should solid-solution strengthen Mg–Li
alloys due to its significant size mismatch and weaken
the texture in Mg–Zn alloys, similarly to the RE
contribution in Mg alloys. Using the density functional
theory (DFT) we examine the intrinsic type II stacking
faults in the basal and pyramidal I planes. We try different
alloy compositions in order to understand the
solid-solution effect on the different stacking faults and
reduce the high plastic anisotropy in Mg alloys mechan-
ical properties.

Keywords
Magnesium alloys � Anisotropy � Stacking fault energy
Solid solution strengthening � Calcium � Density
functional theory

Introduction

With the growing interest of the automotive and aerospace
sector in lightweight materials that demonstrate high
strength and ductility, magnesium and its alloys are the main
candidates for replacing existing alloys. Magnesium is a

very light structural metal, lighter than steel or aluminium,
with better strength-to-weight ratio than any other com-
monly used structural metal. Mg and Mg alloys have high
specific strength and thermal conductivity and excellent
damping capacity but they exhibit low ductility, high plastic
anisotropy and strong texture. Both high strength and high
ductility in the same material is difficult to be achieved [1] as
low ductility makes the material more brittle. The low
ductility is a major restriction for commercial applications.

It is known that the low tensile ductility and high plastic
anisotropy in Mg alloys is associated to Mg’s hexagonal
closed-packed (hcp) formation. hcp structures have a limited
number of slip planes with only one closed-packed, the basal
plane. Mg is a highly anisotropic material with properties that
could have more than 50 times higher value in the pyramidal
plane hcþ ai than in the basal hai (e.g. critical resolved shear
stress [2, 3]). Hence, it is important to lower the anisotropy in
order to increase formability. Most commercial Mg alloys
can improve their poor formability at high temperatures
through grain refinement or solid-solution [4–6].

The majority of commercial Mg alloys contain RE ele-
ments. Depending on the preparation, the use of a small
amount of RE elements in Mg alloys has a wide range of
benefits, such as improved high-temperature strength, grain
refinement, creep and corrosion resistance and weaker tex-
ture [7–13]. Despite the great benefits of RE elements in Mg
alloys, their relatively high cost and the limited sources
throughout the world reduces the interest of using them in
commercial applications. Nevertheless, the benefits of RE
are mainly known empirically but the underlying mecha-
nisms in microscopic level are yet to be understood.

Lately there is an increasing interest for designing RE-free
Mg alloys with properties similar to those RE produce.
Amongst other elements, calcium is considered a great can-
didate as a RE substitute. Over the last decades there has been
a lot of research on the mechanical properties of low con-
centration Ca in Mg alloys, especially the commercial die
cast alloy AZ91 and the ternary Mg–Zn–Ca. Low concen-
tration Ca in Mg alloys, either with or without RE elements,
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have been found to improve creep resistance and strength,
provide enhanced precipitation hardening, refine the
microstructure, increase ductility, weaken the basal texture
and enhance stretch formability [14–22]. In our research, we
examine low concentration Ca RE-free Mg alloys in order to
study the plastic anisotropy of three major slip planes of the
hexagonal structure and understand the effect of Ca.

To understand the effect of anisotropy in pure Mg and Mg
alloys we study the deformation fault (intrinsic) I2. The
stacking sequence of the I2 type deformation is ABABCACA
and is formed by slip of a B plane by 1=3½1010� for the basal
plane {0001} and by approximately 44=300½1123� for the
pyramidal I {1011} plane. The stacking faults are a type of
defects which play an important role in the understanding of
more complex defects such as dislocations and grain bound-
aries, therefore accurate prediction is needed. Dislocations
often split into partials with the formation of a stacking fault
connecting the partials. Therefore, the stacking fault region
canmodify the properties of a dislocation and help in the better
understanding of properties like dislocation mobility. Various
mechanical properties such as strength, toughness and fracture
are severely affected by the stacking faults due to their direct
influence on the slip mode or deformation twinning.

The stacking fault energy (SFE) is defined as the energy
difference between the crystal with the fault and the energy
of the perfect crystal over the sheared area. The SFE rep-
resents the energy dependency of rigidly shearing a crystal
along a direction and it highly depends on the temperature
and the chemical composition. It is known that in cases
where the SFE is high the dissociation of a full dislocation
into two partials is energetically unfavourable and the
material deforms only by dislocation glide. In cases with low
SFE, materials display wider stacking faults and have more
difficulties for cross-slip and climb. SFE curves are not
always experimentally accessible or their experimental val-
ues could largely vary, as in the case for pure Mg where the
measured SFEs are 78� 15 mJ=m2 [23] (60 mJ/m2 from
reference therein), 50–280 mJ/m2 from references within
Ref. [24]. This large uncertainty in the experimental values
of the SFE has led many scientists to use atomistic simula-
tions. In our approach we employ the DFT in order to
achieve high accuracy calculations. With the DFT we study
the SFE of pure Mg, Mg–Zn–Ca and Mg–Li–Ca in the basal
and pyramidal I planes in order to determine the effect of Ca
in plastic anisotropy of Mg alloys.

Computational Details

For the calculation of the SFE and the c surface we use the
supercell model and apply homogeneous shear boundary
conditions (HSBC). For each discrete shear parallel to the c

surface the system undergoes atomic relaxation only along
the direction perpendicular to it, while the c=a ratio is kept
fixed. In the standard supercell model, two supercells are
required; one is the structure of the perfect crystal and the
other contains the stacking fault. With the HSBC only the
supercell with the structure of the perfect crystal is required.
To calculate the gamma surface we choose a vector T which
lies in the plane spanned by the vectors b1 and b2, which are
parallel to the c surface. The new vector perpendicular to the
c surface is b3 ¼ b3 þ aT, where a is a number between 0
and 1. We apply periodic boundary conditions towards all
directions of the system.

We study four Mg–Zn–Ca and four Mg–Li–Ca alloys in
various compositions, as described in Table 1. To design the
ternary alloys we use the special quasi-random structure
(SQS) approach [25]. The supercell size for the simulation of
the basal and pyramidal I planes is 128 atoms. The lattice
constant we use is a ¼ 6:041 au (3.197 Å) and the
c=a ¼ 1:627. The supercell dimensions for the basal plane
are 2

ffiffiffi

3
p

a� 4a� 4c and the pyramidal I
2hcþ ai � 2a � � 12:2a. The pyramidal I structure has
been constructed following Frank’s four-dimensional
vectors method [26] in which the a3 corresponds to

a3 ¼ cosðhÞ apI3
�

�

�

�

�

�
= a1j j, where apI3

�

�

�

�

�

�
¼ cosðhpIÞc=a. hpI is the

characteristic angle for the pyramidal I plane and h is the
angle the projection of a3 forms along the a1. We create
multiple structures and position the Ca atom in specific
positions, either at the interface (stacking fault) or in the
middle of the structure as shown in Fig. 1.

For the calculation of the SFE at 0 K we use the
full-potential linear muffintin orbital (FP-LMTO) method as
implemented in the Questaal suite. We calculate the
exchange and correlation potential using the generalised
gradient approximation (GGA) with the PBE functional,
using single basis set. For the sampling of the Brillouin zone
we use a 10� 10� 10 k-mesh, using the Methfessel-Paxton
sampling integration. We perform non-self consistent
(nSC) total energy calculations (EnSC

tot ) with the Harris-
Foulkes (HF) functional [27, 28]. In the HF approximation
the total energy can be evaluated just by a given input
density qin, thus there is no need for an iteration cycle of
input densities as in the full self consistent (SC) calculations.
Therefore the density convergence criterion does not need to
be fulfilled as in the standard SC Hohenberg-Kohn
(HK) functional [29, 30], leading to computational
efficiency.

The HF theorem shows that the EnSC
tot deviates from the SC

ground-state ESC
tot by an amount of second order in the devi-

ation of qin from the SC ground-state output densities qout.
The validity of the HF functional has been investigated many
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times [31–37] and it has been found to produce accurate total
energies for bulk and surface systems, with some cases to be
even more accurate than the HK energies [38]. To test the
efficiency of the two methods we compare the SFEs of the
basal plane for a 24-atom Mg supercell using the method
described earlier. For high quality calculations we use a very
large k-point mesh of 40� 40� 12. In Fig. 2 we show the
SFE along the basal plane for shear up to 0.4 lattice vector in
the ½1010� direction, calculated with the two different meth-
ods. The unstable (cusf ) and stable (csf ) SFEs are formed at
1/6 and 1/3 in the ½1010� direction. The energy predicted at
those points is almost the same with both methods
(cSCusf � cnSCusf ¼ 1:90 mJ=m2, cSCsf � cnSCsf ¼ 0:89 mJ=m2). As
it is know from literature the nSC energies are lower than the
SC energies [32] but the difference in this case is almost
negligible, validating the predictive power of the HF
functional.

The main benefit of the HF approximation is its
efficiency. Although both functionals have similar compu-
tational cost per iteration (every diagonalisation of the
Hamiltonian), the SC method is at least six times more
computationally expensive than the nSC over the whole
relaxation calculation. The efficiency of the nSC method has
been tested before [37] with same order of magnitude
results. Therefore we can conclude that the nSC method
produces as accurate results as the SC for the calculation of
the SFE and it is highly computationally efficient. We take
advantage of the high efficiency of this method to calculate
the SFE of the Mg based ternary alloys.

Results and Discussion

We summarise the results of the SFEs for Mg and the
Mg-based ternary alloys in Table 2. We present two different
values for the SFEs depending on the position of the Ca
atom in the system for both basal and pyramidal I planes. All
values refer to the stable SFE of intrinsic type II fault and are

in mJ/m2. Where possible values from DFT calculations in
literature are included. Alloys A-C and E-G contain low
concentration Zn or Li and Ca, while the alloys D and H
contain near or above the solubility limit of Zn (2.5 at.% at
340 °C [39]) or Li (around 16 at.% at 273 K [40]) and low
concentration Ca (limited solubility or <1 at.% [39, 41]).

As we observe in Table 2, the Mg–Zn–Ca alloys exhibit
lower SFEs at the basal plane for increasing Zn composition
when the Ca atom is positioned at the interface, while there
is no major change when the Ca atom is at the middle of the
crystal. This shows that Ca segregation is favoured in the
basal plane for Mg–Zn alloys as the Zn composition
increases. From the literature we know that low concentra-
tion Zn in Mg does not have a major effect on the SFE [46,
49, 50]. On the other hand low concentration Ca in Mg
lowers the basal SFE of the system [49, 51], thus we can
assume that in the ternary Mg–Zn–Ca system the Ca addi-
tion is the main contributor in the SFE. The Ca contribution
fades when it is positioned in the middle of the crystal. The
cusf has been studied for Mg–Zn, Mg–Ca and Mg–Zn–Ca
(the same composition as alloy A), showing a decrease in the
basal unstable SFE from 94 to 76 mJ/m2 for the ternary alloy
and similar behaviour as in literature for the binary alloys
[52].

It has been demonstrated that a wide range of RE ele-
ments strongly segregate to grain boundaries due to the large
atomic size misfit with magnesium [53]. In the Mg–Zn–Ca
alloys we observe a similar mechanism. The replacement of
Mg atoms with Zn, which have smaller atomic radius than
Mg, introduces empty space in the lattice allowing the sig-
nificantly larger Ca atom to segregate easier. This leads to
lower basal SFE in system.

The pyramidal I plane SFEs for the Mg–Zn–Ca alloys
exhibit different behaviour than basal plane SFEs. They
increase considerably when the Ca atom is positioned at the
interface, regardless of the Zn concentration. On the other
hand, for low Zn concentration and Ca position in the middle
of the crystal, the SFEs remain similar to this of pure Mg.

Table 1 The studied Mg–Zn–Ca
and Mg–Li–Ca alloys in various
compositions

Name at.% wt.% No. of atoms per 128 atoms

A Mg–0.78Zn–0.78Ca Mg–2.06Zn–1.27Ca Mg–1Zn–1Ca

B Mg–1.56Zn–0.78Ca Mg–4.07Zn–1.25Ca Mg–2Zn–1Ca

C Mg–2.34Zn–0.78Ca Mg–6.04Zn–1.23Ca Mg–3Zn–1Ca

D Mg–17.19Zn–0.78Ca Mg–35.69Zn–0.99Ca Mg–22Zn–1Ca

E Mg–0.78Li–0.78Ca Mg–0.22Li–1.29Ca Mg–1Li–1Ca

F Mg–1.56Li–0.78Ca Mg–0.45Li–1.30Ca Mg–2Li–1Ca

G Mg–3.13Li–0.78Ca Mg–0.91Li–1.31Ca Mg–4Li–1Ca

H Mg–13.28Li–0.78Ca Mg–4.17Li–1.42Ca Mg–17Li–1Ca

In order are the reference name for each alloy, the atomic and weight percentage and the number of atoms in
the simulation box
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We can observe a great decrease in the SFE only for the D
alloy, which has high Zn concentration. This shows that high
concentration of Zn in Mg tends to reduce the SFE but the
position of Ca has a major effect in the further reduction
of it.

For the Mg–Li–Ca alloys we observe an increase in the
basal SFE with increasing Li composition in the system. The
increase in the basal SFE is even higher when the Ca atom is

located at the middle of the crystal. From the literature we
know that low concentration Li in Mg results in higher basal
SFE [50, 54]. This shows that basal Ca segregation in Mg–
Li–Ca alloys is not favourable. According to Robson [53],
the predicted maximum possible concentration of RE solute
on boundaries at equilibrium occurs for high solubility
additions such as the Y-subgroup, since these elements have
both a large misfit and relatively high solubility in bulk
magnesium. Despite lithium’s higher solubility than zinc, its
atomic radius is significantly smaller, something that could
explain the unfavourable segregation of Ca at the interface.
Slip in the pyramidal plane is not highly affected for the
alloys E-H. Despite the small increase or decrease when the
Ca atom is positioned at the interface or in the middle of the
crystal accordingly, the Li concentration has small effect in
the SFE.

Despite the effort to minimise the errors in our calcula-
tions a number of factors can affect the SFE. The supecell
size, the number of k-points, the basis set and the conver-
gence criteria are the major factors. An indication of the size
of the error in the calculations is the deviation of the csf of an
alloy with the low concentration solid-solutions positioned
in the middle of the crystal from the csf of pure Mg. The Zn
or Li affect the total energy of the system but when they are

Fig. 1 Schematic representation of the alloy C (Mg–2.34Zn–0.78Ca
at.%) alloy for the basal (a) and pyramidal I (b) structure. The grey
spheres represent the Mg atoms, the purple the Zn atoms and the red the

Ca atom. The structures have been created with the SQS method and
the Ca atom has been positioned either at the interface (top and bottom
of the figures) or the middle of the crystal
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Fig. 2 The SFE of Mg for the basal plane calculated with the nSC
(blue circles) and SC (red squares) methods. The energy difference of
the two methods of the csf is less than 1 mJ/m2, showing the good
predictive power of the nSC method
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placed in the middle of the bulk the SFE should not be
affected. Although in our simulations we have placed the Ca
atom by hand, with the SQS method the Zn or Li atoms are
placed at a quasi-random position. These positions are
energetically favourable in the system and they could force
the Zn or Li atoms either near the interface or in the middle.
This could affect the results of our calculations and it might
be the case for the anomaly of the basal SFE of alloy F.
Comparing the structure of alloys F and G, the alloy F has
both Li atoms at the interface while G has only one atom.
This anomaly is considered within the standard error in our
calculations.

In Table 2 we calculate the ratio of the stacking fault
energy of the pyramidal I plane over the basal plane for the
two different calculations where the Ca atom is at the

interface or in the middle (cPyrIsf =cBassf ). Although this ratio is
evaluated for the stable stacking fault, it essentially repre-
sents a generic factor of the plastic anisotropy for any
mechanical property related to the SFs (e.g. yield stress,
dislocation core energy etc.). Increase in the csf usually
suggests an increase in the cusf and vice versa. Despite the

fact this increase is not linear and the cPyrIsf =cBassf ratio will

differ from the cPyrIusf =c
Bas
usf , for the same material it will cor-

rectly predict the qualitative change in anisotropy.
This ratio is estimated at 6.9 for pure Mg. For increasing

concentration of Zn in alloys A-D we observe an increasing
anisotropy when the Ca atom is placed at the stacking fault.
When the Ca atom is positioned in the middle of the crystal
the anisotropy is at the same level for all low Zn concen-
tration alloys, while for high Zn concentration (alloy D) the
anisotropy is significantly lower. Similarly for the alloys
E-H, the anisotropy is lower when the Ca atom is positioned

in the middle of the crystal and is reduced with increasing
concentration of Li. The alloy H achieves the highest
reduction in anisotropy, which is less than half of this of
pure Mg. It is interesting to mention that for all alloys when
the Ca atom is positioned in the middle the anisotropy is
lower than in pure Mg.

Conclusions

We have calculated the SFEs of various Mg–Zn–Ca and Mg–
Li–Ca alloys for the basal and pyramidal I plane. We studied
the effect of Ca in the slip behaviour and the plastic anisotropy
by positioning it either at the interface of the SF or in the
middle of the crystal. We observe a significant difference in
the SFE depending first on the position of Ca and second on
the concentration of Zn or Li in the system. Ca segregation is
favoured in the basal plane in theMg–Zn alloys but not for the
pyramidal I plane or in the Mg–Li alloys. Moreover, Ca in the
middle of the system decreases notably the SFE for pyramidal
I plane for high concentration Zn or Li, while it either does not
affect or increases the SFE in the basal plane. The highest
reduction in plastic anisotropy is for the two high concentra-
tion alloys, D and H, when the Ca is in the middle of the
crystal. Glide along the pyramidal I plane is more difficult than
in the basal plane since the interlayer distance is smaller. The
glide is even more difficult when the Ca is at the interface than
in the middle of the pyramidal I plane, showing a possible size
effect of the solid-solutions.

Similar composition ternary alloys have been studied
experimentally for their mechanical properties. Neither
experimentally or computationally is easy to study the whole
spectra of compositions unless specific thermodynamics

Table 2 Stable SFEs (csf ) of Mg
and various ternary alloys, as
described in Table 1, for
displacement along the basal and
pyramidal I planes

Alloy Basal ½1010� ð0001Þ Pyramidal I
1=3½1123�ð1011Þ

cPyrIsf =cBassf cPyrIsf =cBassf

Interface Middle Interface Middle Interface Middle

Mg 32.1 (33.0a, Lit.b) 220.3 (Lit.c) 6.9

A 31.2 36.5 322.1 208.5 10.3 5.7

B 26.6 36.3 318.0 205.1 12.0 5.7

C 28.0 36.0 317.3 202.3 11.3 5.6

D 13.1 31.6 271.0 126.3 20.7 4.0

E 30.1 36.9 248.0 203.5 8.2 5.5

F 40.7 45.2 228.2 213.9 5.6 4.7

G 30.5 45.3 241.6 192.5 7.9 4.2

H 50.7 64.1 261.7 189.8 5.2 3.0

The two different values for each plane, interface and middle, refer to the Ca position in the alloy. We have
calculated the SFE with the nSC method based on the HF approximation. All the values are in mJ/m2

aCalculated with the SC method
bLiterature: 44 [42], 36 [43], 34.1 [44], 34 [45], 33.8 [46], 37 [47]
cLiterature: 180 [48]
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models are used (e.g. CALPHAD), although their predictive
power sometimes is limited. Although it is possible, it is
either too expensive or time consuming and only a small
number of different compositions is usually chosen. A sys-
tematic method of studying various alloys needs to take into
consideration not only the composition but also the design of
the alloys. As we concluded from our results, not only the
composition but the design method can highly affect the
prediction of the mechanical properties and it should be
taken into consideration.

Moreover it is important to examine the mechanical
properties along the pyramidal II plane. The calculated SFE
of pure Mg for the pyramidal II plane is higher than those of
the basal and pyramidal I planes, showing higher anisotropy
in the mechanical properties. Recent findings show that
energetically stabilizing the easy-glide hcþ ai dislocations
on pyramidal II plane could lower ductility [55]. Using
solid-solution to lower the SFE energy on the pyramidal II
plane could reduce anisotropy and lead to low ductility Mg
alloys.
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Investigation of Grain Refinement Method
for AZ91 Alloy Using Carbide Inoculation

Jun Ho Bae, Young Min Kim, Ha Sik Kim, and Bong Sun You

Abstract
Grain refinement is an effective method to increase both
the strength and toughness of structural materials. Among
the various grain refinement methods, carbon inoculation
is an effective method for Mg alloys containing Al. SiC is
well-known as a carbon inoculation agent; however,
conventional methods for using SiC are suitable only for
lab-scale experiments. This study investigates the inocu-
lation methods with regard to the use of SiC effectively
and economically for grain refinement of Mg alloys,
especially for application in large-scale casting processes.
Al-SiC refiner was fabricated by extrusion; it demon-
strated a uniform structure with well distributed SiC
particles on the Al metal matrix. After adding 0.7 wt%
extruded SiC refiner, the average grain size of AZ91 alloy
decreased from 550 to 90 lm. It demonstrated an
effective refining ability in large-scale casting facilities.

Keywords
Magnesium � Grain refinement � Carbon inoculation

Introduction

Generally, the types of Mg alloys can be defined based on
the presence or absence of the Al element. This classification
is associated with the usage of Zr. Addition of Zr has been
known as the most effective method of grain refinement for
Mg alloys owing to the crystallographic similarities with
a-Mg and the crystal growth inhibitory effect during the
solidification [1, 2]. However, Al atoms in Mg alloys offset

the refinement ability of Zr owing to the formation of stable
compound, Al3Zr; thus, Zr cannot be used in the Mg alloys
containing Al. Mg alloys containing Al, such as AZ and AM
alloy series, are the most widely used in industries because
of their low price, superior castability, and relatively good
mechanical properties [3]. To improve their mechanical
properties in the cast state and reduce casting defects,
numerous studies of grain refinement have been conducted
to develop a method with a similar effect as that of Zr
addition [4–9]. Various methods such as superheating pro-
cess, Elfinal process, carbon inoculation, ultrasonic vibra-
tion, and melt conditioning have been developed for several
decades, but none is commercially available yet due to
reasons such as increased processing cost and safety
concerns.

Carbon inoculation is one of the most widely studied
methods for Mg alloys containing Al because of its low
material cost and exceptional refining efficiency even with
small amount of addition [10]. Although the grain refine-
ment mechanism of carbon inoculation is still controversial
[10–15], recent researches have focused on its application in
large-scale industries efficiently. Carbon inoculation can
simply be conducted by the addition of carbon-containing
agents such as carbon gaseous materials (C2Cl6, MgCO3,
MnCO3), carbides (Al4C3, SiC, CaC2), and graphite. Among
them, the addition of carbon gaseous materials exhibits an
exceptional grain refining ability because they provide fine
nucleation particles for heterogeneous nucleation and gen-
erate gas agitation effect owing to the decomposition of these
materials [6, 7]. However, these materials cause severe
oxidation on the melt surface owing to strong and irregular
gas agitation; C2Cl6 is especially not used in the industrial
field due to harmful gas emission.

Recently, several researchers have reported that the
addition of SiC reduces the grain size remarkably in the
AZ91 alloy [14, 16]. However, conventional SiC inoculation
methods such as using the SiC powder itself and using a
master alloy produced via powder metallurgy have demon-
strated unstable refining ability, low efficiency, and
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non-economical processes in terms of application in the
industrial fields. Therefore, it is necessary to develop an
inoculation method with regard to the SiC grain refiner that
can be applied to a large-scale process of an industrial field
effectively. In this study, useful methods for mass production
of grain refiner using SiC powder were developed by the
powder extrusion method, and its microstructure features
and refining effects on the AZ91 alloy were also
investigated.

Experimental Procedure

High-purity Al and SiC powders were mixed and extruded
for produce a grain refiner. To confirm the grain refinement
ability of the extruded SiC refiner, commercial alloy AZ91
was melted in a steel crucible using resistance furnace under
the protection of SF6 gas mixed with CO2. Subsequently,
0.5, 0.7 and 1 wt% extruded SiC refiner was added into the
molten AZ91 alloy at 750 °C, respectively. The melt was
stirred and held for 10 min and then poured into a steel billet
mold (/80 � 200 mm) preheated to 200 °C. Metallographic
samples were cut at the height of 20 mm from the bottom of
the cast billet. All samples were polished and etched with
picric acid solution consisting of 4.2 g picric acid, 10 ml
acetic acid, 70 ml ethyl alcohol, and 10 ml distilled water.
The microstructure was observed using optical microscopy,
scanning electron microscopy (SEM), and energy-dispersive
X-ray spectroscopy (EDS). The average grain size of each
sample was examined using polarized light in optical
microscopy and measured using the linear intercept method
described in ASTM Standard E112.

Results and Discussion

Figure 1 shows the microstructures of the extruded SiC
refiner cross section perpendicular to the direction of extru-
sion. Figure 1a shows that the refiner consists of a mixture of
Al and SiC, and Al tube surrounds it. In the powder mixture
area, as shown in Fig. 1b, the SiC particles are uniformly
distributed in the Al matrix without changes in size and
shapes compared with the original powder. Further, in the
case of Al powder, all the initial powder forms disappeared
and transformed into the same metal matrix as the Al tube as
shown in Fig. 1c. Although the process temperature is under
the melting temperature of Al, relatively high temperature of
approximately 400 °C with large strain during extrusion
produces a similar effect to casting. This microstructure is
nearly same as the Al-SiC composite produced by the stir
casting process [17], however, usage of extrusion has several
advantages such as increase in the SiC volume fraction and
short process time compared to the stir casting process.

Figure 2 illustrates the XRD pattern of the extruded SiC
refiner. It can be observed that the grain refiner is composed
of the SiC and Al phase. Generally, commercial Al com-
posites containing SiC have an Al4C3 phase formed at the
interface during the fabrication process and it can be a factor
that deteriorates the properties of the composite. To suppress
the formation of the Al4C3 phase, an extra amount of Si
element may be added; thus, commercial Al–SiC composite
contains approximately 7 to 9 wt% Si [17]. In the case of
extruded SiC refiner, there are no secondary phases includ-
ing the Al4C3 phase. This is because that the process tem-
perature and time during the extrusion are not sufficient to
decompose the SiC and react with Al and carbon.

Al-tube

Powder mixture

(a) (c)(b)

Powder 
mixture

Al-tube

Fig. 1 Optical (a) and SEM (b, c) micrographs of perpendicular sections to the extrusion direction of extruded SiC refiner

72 J. H. Bae et al.



Figure 3a shows the microstructure of as-cast commercial
AZ91 alloy and its average grain size is approximately
550 lm. It exhibits a large and irregular grain structure, but
the 0.5 wt% addition of the extruded SiC refiners reduce the
grain size to approximately 120 lm and renders the
microstructure homogeneous as shown in Fig. 3b. Further
grain size reduction of approximately 97 and 90 lm was
obtained on addition of 0.7 and 1 wt% refiner, respectively
(Fig. 3c, d). It is noted that beyond 0.7 wt% refiner addition,
the average grain size was not significantly reduced as
shown in Fig. 3e.

Figure 4 illustrates the SEM microstructures of the grain
refined AZ91 alloy according to the additional amount of the
extruded SiC grain refiner. Typically, as-cast AZ91 alloy has
Mg17Al12 and Al–Mn phases (Al11Mn, Al4Mn, Al8Mn5), but
grain refined AZ91 alloy by SiC addition has an additional
phase particle identified as Mg2Si. The formation of the
Mg2Si phase is indirect evidence that the SiC is decomposed
into Si and C in the melt [14, 16]. Therefore, as the amount
of SiC addition increases, the fraction of Mg2Si phase
increases simultaneously as shown in Fig. 4. The Mg2Si
phases are generally present at the grain boundaries with
eutectic Mg17Al12 but it cannot disappear easily via the heat
treatment owing to the high thermal stability; thus, it is
desirable to minimize the fraction of formation because they
can adversely affect the mechanical properties of the alloy.
Consequently, from the results in Figs. 3 and 4, the optimum
amount of the added extruded SiC refiner is obtained as 0.7
wt% and further addition would likely lead to the deterio-
ration of the mechanical properties without significant grain
refinement.

In the case of carbon decomposed from SiC, it was
known that the carbide is formed by combining with the Al
atoms in the alloy melt and acts as a nucleation site for a-Mg
during the solidification. However, there has still been
controversy as to whether Al4C3 or Al2MgC2 is a potent
nucleation particle [10–16]. Nevertheless, it is evident from
the results of this study that SiC is an effective grain
refinement agent with regard to carbon inoculation methods
for Mg alloys containing Al.

The extruded SiC refiner can be mass-produced according
to the capability of the extrusion equipment and is easy to
apply to commercial casting process. Actually, to confirm
whether the refining efficiency is similar to the lab-scale
process regarding the large-scale casting process, it was
applied to commercialized ingot casting facilities with
capacity of 500 kg. Figure 5 illustrates the microstructures of
the commercial AZ91 and grain refined AZ91 ingot. These
samples were heat treated at 400 °C for 15 h to delineate the
grain boundaries. The average grain size of the unrefined and
grain refined AZ91 ingots are 670 and 160 lm, respectively.
It was confirmed that the extruded SiC refiner is also effective
with regard to large-scale casting facilities. However, it
exhibits a relatively low refining efficiency compared to the
lab-scale experiments. Generally, the grain size is also
affected by cooling rate related to the mold size, cooling
system [9, 16]. Ingot mold size is approximately 4 times
larger than the billet mold and the top surface is exposed to
the atmosphere as shown in Fig. 6. Therefore, it is considered
that the differences of the casting conditions may lead to the
difference of grain refining efficiency.

To fabricate the grain refined final product using the grain
refined ingot, it has to be re-melted and casted again with
regard to the part form. Therefore, in this case, it is most
important that the refinement phenomenon is maintained
after re-melting and holding. Figure 7 illustrates the grain
size change after re-melting of the grain refined ingot and
with holding time at 700 °C. After re-melting, the grain size
is considerably decreased to about 110 lm compared to the
ingot due to the solidification rate related to the mold size
and the cooling rate. Grain refinement efficiency according
to re-melting and holding time is an exceedingly important
factor in terms of industry application of grain refiner.
Because inoculation fading can control as using the inocu-
lation time, but the case of refined ingot re-melting, fading of
refinement is directly affected by the holding time. In this
research, it is noted that the grain refinement ability is
maintained even 8 h holding after re-melting. The nucleating
particles in the refined ingot are thermally stable, therefore,
are not dissolved during re-melting and holding. And the
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Fig. 2 XRD pattern of extruded SiC refiner
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Fig. 3 Microstructures of AZ91
alloy with the amount addition of
extruded SiC refiner; a unrefined,
b 0.5 wt%, c 0.7 wt%, d 1 wt%
addition, and the changes in
average grain size (e)
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Fig. 5 Optical micrographs of homogenized a commercial AZ91 ingot and b grain refined AZ91 ingot made in industrial casting facility

Fig. 6 Picture of grain refined ingot casting in company

(a) (b) (c)

Mg17Al12

Al8Mn5 

Mg2Si

Mg2Si

Fig. 4 SEM micrographs of grain refined AZ91 alloy; a 0.5 wt%, b 0.7 wt%, c 1 wt% extruded SiC refiner added
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particles in the melt have better wettability, interface prop-
erties and well distribution compared to inoculant from
outside of melt, therefore, it have less chance of sedimen-
tation, floating and agglomeration. For this reasons, grain
refining efficiency may be maintained for a relatively long
holding time after re-melting.

Conclusion

In the present research, the effective grain refining method of
using SiC powders for AZ91 alloy was investigated. The grain
refiner extruded mixed with 70 wt% Al and 30 wt% SiC
powders has uniformly distributed SiC particles on the Al
metal matrix that is exceedingly similar to the Al–SiC com-
posite produced by the stir casting process. Additionally, the
refiner produced by the extrusion method can further improve
the efficiency of the SiC addition because no other phases are
formed during the process. The average grain size of AZ91
alloy decreases from 550 lm to approximately 90 lm owing
to the addition of 0.7 wt% extruded SiC refiner. It was also
effectively applied to large-scale commercialized ingot cast-
ing process, and reduced the grain size of the bulk ingot
substantially from 670 to 160 lm. Moreover, the ingot
refined by the extruded SiC refiner has a long fading time of
over 8 h after re-melting; it can be applied to other processes
for final casting products such as low-pressure die casting,
sand casting, etc.
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Experimental Study of the Solidification
Microstructure in the Mg-Rich Corner
of Mg–Al–Ce System

Charlotte Wong, Mark J. Styles, Suming Zhu, Trevor Abbott,
Kazuhiro Nogita, Stuart D. McDonald, David H. StJohn,
Mark A. Gibson, and Mark A. Easton

Abstract
The current lack of comprehensive understanding of the
microstructure evolution in Mg–Al–Ce alloys hinders the
accuracy of thermodynamic predictions. Our investiga-
tions have identified shortcomings within the published
literature for the Mg-rich end of the Mg–Al–Ce phase
diagram. In this study, the microstructure evolution in
Mg–Al–Ce alloys has been studied by X-ray diffraction,
scanning and transmission electron microscopy. The
experimental results are compared with the Scheil-
Gulliver prediction calculated using the CALPHAD
method. The observed microstructure contains both the
binary Al–Ce and Mg–Ce intermetallic phases in these
alloys. The solidification sequence, invariant point and
the phase boundaries in the liquidus projection of the
Mg–Al–Ce phase diagrams that have been reported
previously are inconsistent with this study. The hypoeu-
tectic region is smaller compared to the current Mg–Al–Ce
phase diagram. In addition, a hexagonal Al5Ce2 phase
which is isostructural with Al5La2 has been identified in
these alloys. The research addresses some of the current
limitations in understanding the effect of Ce, when added
in isolation, on microstructure development in Mg–Al
based alloys.

Keywords
Magnesium alloys � Microstructure � Phase diagram

Introduction

In recent years, there has been increasing interest in mag-
nesium alloys due to their low density and high specific
strength [1], which are beneficial for vehicle weight reduc-
tions and hence improved fuel efficiency. In addition to the
commonly used AZ91 and AM50/60 alloy grades, magne-
sium alloys containing aluminium and rare earth (RE) ele-
ments, known as the AE series, have been developed for
elevated temperature applications, such as automotive
powertrain components, where creep resistance is a major
concern. Two notable AE alloys are AE42 (Mg–4Al–2RE)
[2] and AE44 (Mg–4Al–4RE) [3]. AE42 exhibits better
creep resistance than AZ91 and AM50/60, but it tends to be
susceptible to hot tearing during casting [4] and the creep
resistance deteriorates rapidly at temperatures above 150 °C
[5]. AE44 has improved hot tearing resistance and creep
resistance over that of AE42, and has been used for a
number of powertrain applications since its first use in a
corvette engine cradle [6].

The RE elements used in commercial AE alloys com-
monly comes from mischmetal, which typically comprises
52–55% cerium (Ce), 23–25% lanthanum (La), 16–20%
neodymium (Nd) and 5–6% praseodymium (Pr) [7]. Tradi-
tionally, it has been considered that all individual rare earth
elements behave similarly in microstructure evolution in AE
alloys [8]. In recent years, Nd and Pr prices have increased
sharply due to the demand for these elements in magnetic
applications. Hence, the abundant La and Ce from mis-
chmetal has become less expensive [9]. As a result, efforts
have been made to investigate the effect of individual RE
elements in AE alloys. In order to better understand their
attributes, such as mechanical properties, castability and
creep performance, it is necessary to understand the mi-
crostructure and its evolution. However, the observed
microstructures are difficult to reconcile with the published
phase diagrams. For this reason, the investigation in the
present study is focused on the microstructure evolution in
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Mg–Al–Ce alloys, and comparisons with the currently
available thermodynamic descriptions of the Mg–Al–Ce
system.

In this work, the as-cast microstructure of Mg–3Al–10Ce
and Mg–4Al–12Ce (all compositions in weight percent
unless otherwise specified) alloys were examined and com-
pared with thermodynamic predictions made using the
CALPHAD software package Pandat®. The two composi-
tions were chosen because they are located on either side of
the a-Mg/Al2Ce phase boundary, as shown in Fig. 1. The
aim of the present study is to investigate the accuracy of the
existing Mg–Al–Ce phase diagram, particularly the inter-
metallic phases and the solidification sequence in the current
thermodynamic database. These investigations contribute to
a better understanding of the microstructure evolution in AE
alloys, which may lead to improvements in the thermody-
namic database for the Mg–Al–Ce system.

Materials and Methods

The Mg–3Al–10Ce (ACe310) and Mg–4Al–12Ce (ACe412)
alloys were prepared from pure elemental magnesium
(99.95%), aluminium (99.9%) and cerium (99.5%). The
molten magnesium alloys were cast into a wedge mould
consisting of two parts: permanent-mould and sand-mould.
Molten magnesium and its alloys have a strong tendency to
oxidize in air. Hence, the alloys were melted and degased
using nitrogen mixed with H134a refrigerant gas. The
pouring temperature of the molten metal into the mould
was 720 °C and the preheat temperature of the mould was
95 °C. The chemical compositions of the alloys were
determined by inductively coupled plasma atomic emission

spectroscopy (ICP-OES). The analysed compositions are
Mg–3.04Al–10.10Ce for the ACe310 alloy and Mg–3.87Al–
12.40Ce for ACe412 alloy.

For microstructural examination of as-cast material,
samples were cut from a wedge cast sample, as shown in
Fig. 2. The samples were ground to approximately 15 µm
using silicon carbide paper with grit size of 500. After
grinding, the samples were then polished using cloth with
diamond suspension to approximately 0.04 µm particle size.
The samples were ultrasonically cleaned for 180 s after each
step of grinding and polishing. The solidification mi-
crostructure of the prepared samples were analysed using a
FEI Quanta 200 scanning electron microscope (SEM),
equipped with an Oxford Instruments X-MaxN 20 energy
dispersive X-ray (EDX) spectrometer.

Phase identification was performed via X-ray powder
diffraction (XRD), using a Bruker D8 diffractometer fitted
withCuKaX-ray radiation operated at 40 kV and 40 mA.Data
were collected in Bragg-Brentano geometry over the angular
range 5–130° 2h with a scan rate of 2°/min and a step size of
0.02°. The samples were continuously rotated at *2 Hz
during the measurements to improve the particle statistics as
much as practical. Whilst this produced accurate relative peak
intensities for the intermetallic phases observed in these
samples, it did not fully mitigate the effects of the large (for
XRD) a-Mg grain size. Therefore, during data analysis the
a-Mg phase was modelled using the Pawley method [11]
whilst the remaining intermetallic phases were modelled
(concurrently) using the Rietveld method [12], as imple-
mented in the Topas software package (version 5, Bruker).

For confirmation, the intermetallic phases in the alloys
were also identified using a JEOL 2100F transmission elec-
tron microscope (TEM), equipped with an Oxford X-MaxN

Fig. 1 Phase diagram (left) andmagnified phase diagram (right) of Mg–Al–Ce alloy system generated by Pandat PanMagnesium 2017 database [10]
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80T EDX spectrometer. The TEM foils were prepared by
low-angle ion milling using a Gatan Precision Ion Polishing
System (PIPS) at 4 keV with an incident angle of 4°. The
phases observed by XRD and TEM were then compared with
those predicted by the Scheil-Gulliver equation using PAN-
DAT, PanMagnesium 2017 database [10].

Results

The microstructure of the as-cast ACe310 and ACe412
alloys are shown in Fig. 3b and d respectively. Two eutectic
phases are located at the interdendritic and grain boundary
regions. These SEM images suggest that the intermetallic
phases can be classified into three types: fine lamellar
eutectic, acicular eutectic and irregular particulate-shaped
particles. The SEM image of the ACe310 alloy suggests that
the volume fraction of the particulate intermetallic phase is
lower compared to those in ACe412 alloy, whereas the
volume fraction of the acicular phase in the ACe310 alloy is
higher compared to the ACe412 alloy. In addition, the
particulate-shaped intermetallic particles in both the ACe310
and ACe412 alloys appear to be located near the centre of
magnesium grains.

XRD and TEM were used to identify phases in the
ACe310 and ACe412 alloys. Four distinct phases were
identified in both alloys: a-Mg (P63/mmc), Mg12Ce
(I4/mmm), Al2Ce (Fd-3 m) and a hexagonal phase which is
isostructural with Al5La2 (P6/mmm) [13–15], which we have
termed Al5Ce2. To our knowledge, the Al5Ce2 phase has not
previously been reported and is not listed in the ICDD
crystallographic database (PDF 4+) [16]. Whilst it is difficult
to confirm the precise composition of this phase using the
XRD data, the Al5Ce2 composition is in good agreement
with the TEM data presented below. The XRD fittings of
calculated diffraction patterns to the experimental diffraction
patterns of the ACe310 and ACe412 alloys are shown in
Fig. 3a and c respectively. There is good agreement between
the calculated and observed diffraction patterns, as high-
lighted by the smooth difference curve and low Rwp values.
During the fitting, several small peaks were left unidentified,
however, the very low intensity of these peaks suggest that
they are from a minor phase which may be related to the
surface oxide layer of the casting.

The identified intermetallic phases, which can be seen in
Fig. 3, have also been further verified by TEM as Al5Ce2,
Al2Ce and Mg12Ce. The TEM images are shown in Fig. 4.
The TEM analysis confirms that the intermetallic phase with
acicular morphology is Al5Ce2; the particulate-shaped
intermetallic phase is Al2Ce; the eutectic phase with fine
lamellar-like morphology is Mg12Ce.

Discussion

Microstructure Analysis

The lattice parameters of a-Mg were refined to a = 3.210 Å
and c = 5.211 Å in the XRD analysis, which is in excellent
agreement with those commonly reported for pure Mg. The
lattice parameters of the newly identified Al5Ce2 phase were
refined to a = 4.605 Å and c = 3.826 Å, as shown in
Table 1. The refined lattice parameters of this phase are
significantly different from the lattice parameters of Al5La2
(a = 4.478 Å and c = 4.347 Å) reported in the literature
[13–15]. Intermetallic phases such as Al2Ce and Mg12Ce
often have reciprocal substitution of RE elements. This is
because the atomic radii, valency and electronegativity of the
RE elements in the mischmetal mixture (Ce, La, Pr, Nd) are
similar. Therefore, the substitution of lanthanum with cer-
ium, neodymium or praseodymium in the crystal matrix of
the Al5Ce2, Al2Ce and Mg12Ce phases is possible based on
Hume-Rothery Rules [17, 18]. Rzychon and Kielbus [14]
indicated that the lattice parameters of Al5La2 (Al2.12La0.88)
phase decrease slightly as small amounts of Ce substitute for
La. However, the lattice parameters observed for the pure
Al5Ce2 in this study are substantially smaller than those
reported for Al5La2 [15]. The reason for this large difference
is unclear and is worthy of further investigation.

Previous studies reported that the Al5La2 phase has a
similar morphology to the Al2La phase [14, 17, 19]. In the
present study, Al5Ce2 and Al2Ce have different morpholo-
gies; Al5Ce2 appears in an acicular morphology and Al2Ce as
a particulate morphology. According to the binary Al–La
thermodynamic database, Al5La2 is not an equilibrium phase.
Rzychon and Kielbus [14] mentioned that the presence of
Al5La2 phase in the Mg–Al–La alloys is due to two factors:
rapid crystallisation and macrosegragation of RE alloying
elements. The literature indicates that the metastable Al5La2
phase does not develop in slowly cooled gravity cast AE
alloys, but develops in fast cooled HPDC AE alloys [17, 19].
Interestingly, this phase has been identified in the present
study, in which samples were made by gravity die-casting.
This is because the geometry of the casting mould also plays
a role in developing the cooling profiles.

Another microstructure observation in the SEM images,
as shown in Fig. 3b and d, is that some of the particulates are

Fig. 2 Alloy was cast into two-part wedge shaped moulds consisting
of a permanent metal mould (left) and a sand mould (right)
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located within the magnesium grains. EDS and TEM anal-
ysis reveals that this particle is Al2Ce phase. The observation
of Al2Ce within a-Mg grains suggests that Al2Ce may act as
a nucleant during solidification, which is in agreement with
the results of previous studies [20–22].

Phase Diagram Evaluation

Computational thermodynamics of magnesium alloy sys-
tems have been utilised in industry to accelerate design and
optimisation of alloys. In the present study, the thermody-
namic database of the Mg–Al–Ce system was taken from the
PanMg 2017 [10] database using Pandat. In this study, the
comparison between the identified phases of the investigated

alloys using ex situ characterisation methods with the
existing Mg–Al–Ce phase diagram can be used to verify and
improve the database for this system.

XRD and TEM analysis reveals that the phases present in
ACe310 and ACe412 alloys are a-Mg, Al5Ce2, Al2Ce and
Mg12Ce. By comparing with the Mg–Al–Ce phase diagram
and the Scheil-Gulliver solidification simulation, shown in
Figs. 1 and 5 respectively, the phases identified in both the
ACe310 and ACe412 alloys do not match the phases pre-
dicted in the thermodynamic database. Only the identified
Al2Ce phase matches with the Scheil-Gulliver prediction,
but not Mg12Ce and Al5Ce. In addition, there is no Al11Ce3
phase observed in ACe412 alloy in the present study. It is
worth mentioning that the Al5Ce2 phase is not an equilib-
rium phase based on the binary Al-RE thermodynamic

Fig. 3 XRD analysis on a ACe310 alloy and c ACe412 alloy, the
calculated patterns are represented in red and the experimental patterns
represented in blue. The difference between the experimental and

calculated patterns is represented in grey, SEM image on b ACe310
alloy and d ACe412 alloy
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database. However, it is interesting to note that the
metastable Al5La2 phase can be shown in the equivalent
Mg–Al–La phase diagram by suppressing the thermody-
namically stable Al2La phase in Pandat.

It is interesting that the Al2Ce particles in both the
ACe310 and ACe412 alloys are located within the mag-
nesium grains, as shown in Fig. 3b and d. This indicates
that the Al2Ce phase is probably the primary phase

developed in these alloys, even though the predicted pri-
mary phase in ACe310 alloy is the a-Mg phase, as shown
in Fig. 1. In this case, the invariant point, phase boundaries
and the predicted solidification pathway projected onto the
liquidus phase diagram, as shown in Fig. 1, are inconsistent
with the experimental results suggesting that the thermo-
dynamic database for Mg–Al–Ce needs to be further
refined.

Fig. 4 TEM image, micro beam
electron diffractions and EDX
spectra showing the
microstructure and identification
of intermetallic phases in as-cast
ACe310 alloy. (a) and (b) the
acicular intermetallic phase was
identified as Al5Ce2, (c) and
(d) the particulate-shaped
intermetallic phase was identified
as Al2Ce, (e) and (f) the
lamellar-like intermetallic was
identified as Mg12Ce

Table 1 Space group and
refined lattice parameters for
phases identified in ACe310 alloy
(the lattice parameters for the
ACe412 alloy refined to similar
values)

Phase Space group Refined lattice parameters (Å)

a c

a-Mg P63/mmc 3.210 5.211

Mg12Ce I4/mmm 10.316 5.943

Al2Ce Fd-3 m 8.086 –

Al5Ce2 P6/mmm 4.605 3.826
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Conclusions

In present study, the identified phases of ACe310 andACe412
alloys are a-Mg, Al5Ce2, Al2Ce and Mg12Ce. The inter-
metallic phase, Al5Ce2, develops an acicular morphology. The
lattice parameters of this phase are significantly different from
the Al5La2 phase reported in the literature. In addition, Al5Ce2
phase has not been reported in the open literature and it is
currently not listed in the crystallographic database. Lastly, the
phases identified in the ACe310 alloy are inconsistent with the
Scheil-Gulliver predictions from PanMg 2017 thermody-
namic database. The present study shows that ACe310 alloy is
a hyper-eutectic alloy. The magnesium database and Pandat
simulation are indeed very useful for both research and
industrial purposes. However, further research is certainly
required to improve the database for greater accuracy of
thermodynamic predictions in the Mg–Al–Ce system.
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Material Design for Enhancing Toughness
of Mg Alloy and Application
for Biodegradable Devices

Toshiji Mukai

Abstract
Recently, Mg and its alloys have attracted much attention
because of their excellent biocompatibility and biodegrad-
ability. High anisotropy of Mg crystal structure, however,
limits the movement of some slip systems; therefore, pure
magnesium possesses poor ductility and/or toughness.
A number of studies have revealed that alloying with
solute elements and modification of grain structure
improved these drawbacks. In this study, to clarify the
effect of adding solute elements, e.g., calcium and zinc,
impact toughness testing and first-principles calculations
of generalized stacking fault energy and grain boundary
cohesive energy were conducted. For example, alloying
magnesium with calcium and zinc and controlling the
microstructure produced a Mg alloy with a high com-
pressive fracture strain of 0.40, which was greater than
the estimated maximum strain for fastening a surgical
clip. This high fracture strain arose from the enhanced
grain boundary cohesive energy and reduced anisotropy
of slip systems by solute segregation. As a result, the
alloy successfully occluded blood vessels.

Keywords
Mg alloy � Generalized stacking fault energy
Grain boundary cohesive energy � Toughness
Biodegradable implant

Introduction

In laparoscopic surgery, vessels are usually occluded by
surgical clips or staples instead of sutures owing to the
restricted operating area. Currently, surgical clips and

staples are made of pure Ti or Ti alloys since they are both
strong and ductile enough to occlude blood vessels in soft
tissue by forceps. In addition, it possesses excellent bio-
compatibility, which prevents inflammation. However,
because Ti has a high corrosion resistance, its clips remain
in the body permanently. The X-ray absorption coefficient
of Ti is much higher than human tissue resulting in com-
puted tomography artifacts, which hinder accurate diagnosis
around the area where surgery has been performed.
Therefore, biodegradable clips are required for surgery.
Recently, Mg and its alloys have attracted much attention
because of their excellent biocompatibility and biodegrad-
ability [1–3]. However, the high anisotropy of Mg crystal
structure limits the movement of some slip systems.
Therefore, pure Mg possesses poor ductility, which is
confirmed by early fracturing during tensile tests and lower
fracture toughness in three-point bending tests. Many
studies have aimed to develop ductile Mg by controlling the
microstructure and it was revealed that the basal texture
affects the ductility of alloys [4, 5]. This research aimed to
fabricate ductile Mg alloys containing calcium and zinc
because these elements are present in the body. In addition,
this research investigated the in vivo degradation behavior
of the developed ductile magnesium alloy by implantation
around the extraperitoneal tissue of mouse and suitability
for occluding blood vessels of rat [6].

Material Design

To clarify the effect of adding calcium and zinc to magne-
sium, impact toughness testing and first-principles calcula-
tions for grain boundary cohesive energy and generalized
stacking fault energy (GSFE) in Mg, Mg–Ca, Mg–Ca–Zn
alloys were conducted [7]. The impact toughness test
demonstrated that energy absorption was improved by add-
ing calcium and zinc. For crack initiation, the absorbed
energy was higher in the ternary Mg alloy than in Mg.
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The amount of energy absorption from the crack initiation
by crack propagation below 0.4 mm was the higher in Mg–
Ca–Zn than in Mg.

The Rice–Wang model proposes a theoretical relationship
between the change in the microscale electronic structures
and the macroscale grain boundary strengthening or deco-
hesion [8]. In the model, the ideal work of interfacial sepa-
ration (2cint) is the final important factor in grain boundary
strengthening. cint can be calculated as the difference
between the two fracture surface energy (2cs) and grain
boundary energy (cGB). It corresponds to the minimum
required energy to form two fracture surfaces by dividing the
grain boundary. Yamaguchi et al. referred to 2cint as the
“grain boundary cohesive energy”, and presented a mecha-
nism of grain boundary decohesion caused by the grain
boundary segregation of impurity atoms in bcc Fe and fcc Ni
systems [9]. In the present study, 2cint was calculated for
Mg, Mg–Ca, and Mg–Ca–Zn, and the effects of the addition
of Ca and Zn on grain boundary strength were estimated.
Actual materials contain mainly random grain boundaries in
which atoms are randomly arranged. However, it is difficult
to model the structure of random grain boundaries. Instead, a
calculation model with a {1 1 −2 1} symmetrically tilted
grain boundary, which has a relatively high grain boundary
energy [10] and approximates the random grain boundary of
Mg for calculating 2cint, was used. Calculations of the grain
boundary cohesive energy, 2cint, showed that adding calcium
and zinc strengthened the grain boundary in Mg alloys. The
magnitude relation of the grain boundary cohesive energy
corresponded to that of the energy absorbed in crack initi-
ation by crack propagation below 0.4 mm during impact
toughness testing. These results therefore suggest that the
energy absorption during crack propagation is increased in
the ternary Mg alloys by the addition of calcium and zinc
strengthening the grain boundaries.

Calculations of GSFE for the basal and prismatic slip
demonstrated that the addition of calcium and zinc to mag-
nesium caused solid solution softening in the prismatic
slip. The ratio of unstable SFE cus (basal)/cus (prism) indicated
that the addition of Ca and Zn decreased CRSS of the
prismatic slip and made the deformation behavior of Mg
isotropic. However, measurements of the V-notch opening
displacement in impact toughness testing indicated that

plastic blunting was increased in the ternary Mg alloy.
Therefore, it is suggested that reducing the plastic anisotropy
alleviated the stress concentration and increased the plastic
deformability in the ternary Mg alloy [7].

Application for Biodegradable Implant
Devices

To develop a biodegradable clip, the equivalent plastic strain
distribution during occlusion was evaluated by the finite
element analysis (FEA) using the material data of pure Mg
and Mg–Ca–Zn alloy [6]. Since the FEA suggested that a
maximum plastic strain of 0.40 is required to allow the Mg
clips, the alloying of magnesium with the essential elements
and the control of microstructure by hot extrusion and
annealing were conducted. Mechanical characterization
revealed that the Mg–Ca–Zn alloy obtained by extrusion
followed by annealing possessed a fracture strain over 0.40.
FEA using the material data for the ductile Mg–Ca–Zn alloy
also showed that the clip could occlude the simulated vessel
without fracture.

The biocompatibility of the alloy was confirmed by
investigating its degradation behavior and the response of
extraperitoneal tissue around the Mg–Ca–Zn alloy [6]. Little
gas generation was observed following implantation of the
developed Mg–Ca–Zn clip by in vivo micro-CT. Histolog-
ical analysis, minimal observed inflammation, and an only
small decease in the volume of the implanted Mg–Ca–Zn
clip confirmed its excellent biocompatibility. Microstructural
observations using electron backscattering diffraction con-
firmed that dynamic recovery occurred during the later stage
of plastic deformation of the ductile Mg–Ca–Zn alloy.

To evaluate the stability and clinical feasibility of the clip
fabricated from the ductile Mg–Ca–Zn alloy bar, short-term
animal experiment on Wistar rat were performed [6]. After
laparotomy, left renal vein were exposed from surrounding
connective tissue, occluded twice using the clips, and then
cut in-between. After transection, vein stumps were
observed for 10 min to evaluate the hemostatic performance.
No crack was confirmable at the site of the highest equiva-
lent plastic strain, even after the clip was fully fastened.
Though the blood circulation was maintained, no drop of the
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blood was monitored after the excision. The rat survived the
excision owing to the successful clipping, demonstrating that
the ductile Mg alloy clip possessed sufficient hemostatic
properties.

Summary

First principles calculations demonstrate that alloying mag-
nesium with calcium and zinc enhances the grain boundary
cohesive energy and reduces the plastic anisotropy. Fracture
behavior in a ternary Mg–Ca–Zn alloy supports the calcu-
lation results with increased crack opening displacement and
enhanced absorption energy under dynamic loading.

Controlling the microstructure produced the ternary Mg–
Ca–Zn alloy with a high compressive fracture strain of 0.40,
which was greater than the estimated maximum strain for
fastening clip. This high fracture strain arose from the
dynamic recovery during plastic deformation of the alloy.
The alloy successfully occluded blood vessels. Micro CT
images showed that the Mg–Ca–Zn clips degraded homo-
geneously, resulting in gradual gas generation and producing
no inflammation of the tissue around the magnesium clips.
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Influences of Yttrium Content
on Microstructure and Mechanical Properties
of as-cast Mg–Ca–Y–Zr Alloys

Sihang You, Yuanding Huang, Karl Ulrich Kainer, and Norbert Hort

Abstract
The microstructure and mechanical properties of as-cast
Mg–Ca–Y–Zr alloys with different Y contents were
investigated. The alloy containing 0.5 wt% Y exhibited
finer grains compared to the alloys with higher Y content.
All alloys had a dendritic microstructure with eutectics
composed of a-Mg and Ca-rich intermetallic phases. Few
Mg–Y-rich intermetallic particles were also found along
grain boundaries. EDS analysis showed that the solute Y
segregated at dendritic and grain boundaries. The amount
of Y contained in eutectics remarkably increased with
increasing Y. In addition, the eutectics volume fractions
of all alloys were comparable but the morphology became
less continuous at higher Y contents. Both the room
temperature tensile and compressive strengths were
largely improved with increasing Y content. Moreover,
the elevated temperature compression tests showed that
the compressive yield strength first decreased slightly
when the temperature rose to 175 °C, but then remained
stable as the temperature increased.

Keywords
Mg–Ca–Y–Zr alloy � Mechanical properties
Microstructure

Introduction

For the past few years, there is increased interest in devel-
oping Mg–Ca based alloys as Ca improves the ignition
resistance, creep resistance and weakens the texture of
wrought Mg alloys [1–3]. A recent study reported the
addition of In to Mg–Ca alloy resulted in the formation of
fine scale prismatic plate which enhanced the precipitation

hardening behavior of Mg–Ca–In alloy [4]. This shows that
the microstructure and mechanical properties of Mg–Ca
alloys can be modified with ternary addition. RE (rare earth)
elements are one of the most attractive additions due to their
significant effect on enhancing the mechanical properties of
Mg alloys at both room and elevated temperatures [5–7].
Among all RE elements, Y (yttrium) with a relatively high
solid solubility in Mg was reported to have a remarkable
solid solution strengthening effect [8–10]. In a recent work,
Mg–0.3Ca–2.4Y alloy was shown to have a relatively ran-
dom orientation of grains after extrusion with a high elon-
gation to failure (37%) at room temperature [11]. In this
case, the maximum yield strength was only 117 MPa [11].
Moreover, Li et al. [12] investigated Mg–1Ca–1Y alloy as a
potential biomaterial. They reported that the Y addition
could enhance the ductility and lower the corrosion resis-
tance of Mg–Ca alloy. The Mg–Ca–Y alloys would not only
enlarge the scope of structural application but also the
biodegradable implant applications. However, the effect of Y
addition on the microstructure and mechanical properties of
Mg–Ca–Y–Zr alloy has not been investigated systematically.

This research aims to characterize the influence of Y
addition on microstructure and mechanical properties of
Mg–Ca–Y–Zr alloys. Scanning electron microscopy and
optical microscope were used to characterize the
microstructure of the alloys. Further, the tensile test of
as-cast alloys was tested at room temperature and the com-
pressive properties was tested at both room and elevated
temperatures.

Experimental

A series of Mg–Ca–Y–Zr alloys with different content of Y
were prepared by permanent mould direct chill casting [13].
High-purity Mg was molten under Ar + 2% SF6 protective
atmosphere. Pure Y, pure Ca and Mg-33.3 wt% Zr master
alloy were then added into the melt at 750 °C. After
homogenizing by mechanical stirring under 200 rpm for
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20 min, the melt was poured into a steel crucible preheated
to 680 °C and then held at 680 °C for 10 min with gas
protection. Finally, the melt was solidified by lowering the
crucible into cooling water with a rate of 10 mm/s. The ingot
was a cylinder with a size of U70 mm � 180 mm. The
chemical compositions of all alloys were analyzed, where Ca
was analyzed by atomic absorption spectroscopy (AAS) and
other elements were analyzed by X-ray fluorescence (XRF).

The as-cast samples for microstructural analysis were
etched in a solution of 8 g picric acid, 6 ml acetic acid,
20 ml distilled water and 100 ml ethanol after grinding and
mechanical polishing. Metallographic structures were char-
acterized by Reichert-Jung MeF3 optical microscope with a
digital camera. The average grain size was measured by the
linear intercept method. The microstructure were further
analyzed by a VEGA3 TESCAN scanning electron micro-
scope (SEM) equipped with energy dispersive spectroscopy
(EDS) at an accelerative voltage of 20 kV.

Tensile specimens with a gauge length of 30 mm and a
diameter of 6 mm were tested at room temperature

according to DIN EN 10002. Compressive specimens with a
size of U11 � 17 mm were tested at room temperature, 175,
200, 225 and 250 °C. All the tests were performed under a
strain rate of 1 � 10−3 s−1 using a Zwick 050 machine. At
least three specimens were tested under each condition.

Results and Discussion

Effect of Y Addition on Microstructure

The chemical composition and average grain size of the
investigated alloys was listed in Table 1. The alloy con-
taining 0.5 wt% Y exhibits a more homogeneous grain
structure and the finest grains with an average grain size of
63.1 ± 25.3 µm. When the content of Y addition increases
(to more than 1 wt%), the average grain size first increases to
91.3 ± 40.2 µm and then tends to be stable. However, the
overall grain structure becomes inhomogeneous (Fig. 1).

Table 1 Chemical compositions
(wt%) and grain sizes of the
investigated alloys

Alloys Y Ca Zr Mg Grain size (µm)

Mg–0.3Ca–0.5Zr–0.5Y 0.51 0.26 0.32 Balance 63.1 ± 25.3

Mg–0.3Ca–0.5Zr–1Y 1.22 0.27 0.30 Balance 91.3 ± 40.2

Mg–0.3Ca–0.5Zr–3Y 3.21 0.28 0.39 Balance 89.7 ± 39.1

Mg–0.3Ca–0.5Zr–5Y 4.36 0.29 0.28 Balance 92.2 ± 38.4

Fig. 1 Optical microstructure of
as-cast Mg–Ca–Y–Zr alloys.
a Mg–0.3Ca–0.5Zr–0.5Y;
b Mg–0.3Ca–0.5Zr–1Y;
c Mg–0.3Ca–0.5Zr–3Y;
d Mg–0.3Ca–0.5Zr–5Y
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Figure 2 shows the SEM BSE (back scattered electron)
micrographs of the investigated alloys. The microstructure
of all the alloys consists of a-Mg matrix with dendritic mor-
phology and Mg–Ca-rich eutectics distributed at dendrites
and grain boundaries. Few Y-rich intermetallic particles at
dendrites and grain boundaries are also found in the solidifi-
cation microstructure. The amount of these Y-rich inter-
metallics slightly increases with increasing the content of Y.

The quantitative EDS analysis of the positions presented
in Fig. 2 is listed in Table 2. It indicates that the eutectic
contains high concentrations of Ca, which is attributed to the
low solid solubility of Ca in Mg. Because there is only trace
amount of Mg–Ca-rich phases existing in the microstructure,
XRD (X-ray diffraction) could not be used to identify the
phases. Further TEM (transmission electron microscopy)
analysis will be performed in the future. According to pre-
vious investigations [14], the Mg–Ca-rich intermetallic
phase is assumed to be Mg2Ca. As Y is has a high solubility
in Mg, it can easily segregate at the front liquid-solid
interface during solidification. Therefore, most of Y atoms
are soluble in a-Mg forming the segregation area along the
dendrites. Less Y is presented in the Mg–Y-rich inter-
metallics. The content of Y in the segregation areas increases
remarkably with increasing Y addition. More interestingly,
Y was detected in Mg2Ca phases after its addition to Mg–Ca
alloys. Its amount rapidly increases when the content of Y
increases from 0.5 to 5 wt%. This could be attributed to the

formation of substitutional solid solution of Mg2(Ca, Y)
according to the research reported by Murthy et al. [15].
They found the solubility limit of Y in Mg2Ca phase was 6.9
at.% where Ca was substituted by Y.

The volume fraction of the eutectic was determined from
BSE micrograph analysis, which is listed in Table 3. It was
found that the eutectic volume fraction slightly increases
with the increasing Y content. According to EDS analysis,
the eutectic was composed of a-Mg and Mg2Ca with Y
dissolved in the intermetallic. The content of Y does not
significantly change the average volume fraction of the
eutectic, which can be attributed to the existence of Y in
Mg2Ca phases. In addition, the morphology of the eutectic
changes with different Y additions. At low contents (0.5 and
1 wt%) of Y, the eutectic mainly exhibit the continuous or
quasi-continuous distribution. After adding more Y with 3 or
5 wt%, the morphology changes from initial continuous to
disconnected shapes.

Effect of Y Addition on Mechanical Properties

Figure 3 shows the typical tensile stress-strain curves of the
investigated alloys at room temperature. The tensile yield
strength (TYS), ultimate tensile strength (UTS) and elonga-
tion to failure (El) are presented in Table 4. At 0.5 wt% Y
addition, the Mg–Ca–Y–Zr alloy has the lowest TYS and the

Fig. 2 SEM BSE micrographs of
as-cast Mg–Ca–Y–Zr alloys.
a Mg–0.3Ca–0.5Zr–0.5Y; b Mg–
0.3Ca–0.5Zr–1Y; c Mg–0.3Ca–
0.5Zr–3Y; d Mg–0.3Ca–0.5Zr–
5Y. Positions (a), (b),
(c) presented in each micrographs
are analyzed by EDS, which are
shown in Table 2
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largest El. The alloy containing 1 wt% Y exhibits a slightly
higher TYS but lower El and UTS compared to the alloy with
0.5 wt%Y.WhenY content is more than 1wt%, both the YTS
and UTS increase significantly with increasing Y addition.

Obviously, the relatively higher El of alloy containing
0.5 wt% can be easily explained by its finer grain size and
more homogeneous grain structure compared to other three
alloys. It is known that a finer grain size is beneficial to
achieve higher ductility for Mg alloys. According to the

previous work, the coarse and continuous second phase
formed along grain boundaries deteriorate the ductility of
Mg alloys [16]. Apparently, the lowest El and UTS obtained
in the alloy containing 1 wt% Y could be attributed to its
coarse and continuous eutectic distributed along grain
boundaries and to the coarser grain size compared to the
alloy with 0.5 wt% Y. As the grain sizes of the alloys with 1,
3 and 5 wt% Y are comparable, their El are similar.

The relationship between the tensile yield strength and
microstructure for Mg alloys was modelled by Cáceres et al.
[17]. The contribution to yield strength consisted five key
strengthening components, including Peierls stress r0 which
is the force needed to move a dislocation within a plane of
atoms in the unit cell, solid solution strengthening Δrss,
grain boundary strengthening Δrgb which can be described
as Hall-Petch relationship, grain boundary reinforcement
from the intermetallic phases distributed at grain boundaries
Δrgbr, and dislocations strengthening Δrdis. The overall
yield stress can be described as:

r0:2¼r0 þDrss + Drgb þDrgbr þDrdis ð1Þ
As to the current investigation, all the alloys are at as-cast

condition, the contribution dislocations strengthening Δrdis
can be neglected. The yield strength can then be modelled as
Eq. (2),

r0:2¼r0 þDrss + Drgb þDrgbr ð2Þ

Table 2 Quantitative EDS
analysis of the positions indicated
in Fig. 2

Areas Positions Composition (at.%)

Mg Ca Y Zr

Ca-rich phases Figure 2a—A 90.28 9.14 0.55 0.03

Figure 2b—A 92.02 7.04 0.91 0.03

Figure 2c—A 88.41 8.56 2.94 0.09

Figure 2d—A 88.83 6.84 4.21 0.12

Y-rich phases Figure 2a—B 80.97 0.84 16.87 1.32

Figure 2b—B 79.46 0.65 18.97 0.92

Figure 2c—B 76.01 0.77 21.71 1.51

Figure 2d—B 78.24 0.53 20.21 1.02

Segregation area Figure 2a—C 99.22 0.35 0.41 0.02

Figure 2b—C 99.02 0.33 0.62 0.03

Figure 2c—C 97.64 0.38 1.86 0.12

Figure 2d—C 95.90 0.36 3.61 0.13

Table 3 Average eutectic
volume fraction of as-cast Mg–
Ca–Y–Zr alloys

Alloys Volume fraction of eutectic (%)

Mg–0.3Ca–0.5Zr–0.5Y 0.79 ± 0.12

Mg–0.3Ca–0.5Zr–1Y 0.74 ± 0.10

Mg–0.3Ca–0.5Zr–3Y 1.02 ± 0.11

Mg–0.3Ca–0.5Zr–5Y 1.17 ± 0.06

Fig. 3 Tensile stress-strain curves of the as-cast Mg–Ca–Y–Zr alloys
at room temperature
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The grain boundary strengthening contribution can be
estimated by Hall-Petch relationship:

Drgb ¼ kd�1=2 ð3Þ
where k is a constant determined for polycrystalline mate-
rials and d is the grain size. The value k for Mg alloy is
between 280–320 MPa lm1/2 [18]. In the present case, the
value k = 300 MPa lm1/2 will be used in the following
analysis. With r0 � 11 MPa for pure Mg [19] and grain size
of the experimental alloys listed in Table 1, the grain
boundary strengthening contribution can be calculated as
48 MPa for alloy containing 0.5 wt% of Y and 42 MPa for
the alloys containing 1, 3 and 5 wt% of Y. Obviously, the
grain boundary strengthening contribution of the alloys
containing higher level of Y is less than that of the alloy with
0.5 wt%, which means the significant improvement in TYS
by adding more Y is possible related to other mechanisms.

It is well known that a large amount of Y can be dissolved
in Mg. As a result, Y has a significant solution strengthening
effect in Mg alloys. The solution strengthening component
Δrss of solution heat-treated alloys is given by

Drss ffi ksc
2=3 ð4Þ

where ks is a constant and c is the atom concentration. The ks
value of solution treated Mg–Y alloys has been determined

by Gao et al. [9] as ks = 1249 MPa (at.%)−2/3. The Δrss of
alloys containing 0.5, 1, 3 and 5 wt% calculated by Eq. (4)
are 13, 23, 46 and 58 MPa. For the as-cast Mg–Ca–Y–Zr
alloys investigated in this work, most of the Y atoms seg-
regates at the dendrites but not dissolved homogeneously
inside a-Mg matrix. Therefore, the solid solution contribu-
tion to the strength of as-cast alloys is expected to be less
than the values estimated by Eq. (4).

As shown in Fig. 2, the size of the eutectic along the grain
boundaries in the alloys with higher content of Y (3 and
5 wt%) is obviously smaller than that in the alloys with lower
content of Y (0.5 and 1 wt%). It can also be observed that the
morphology of eutectic becomes less continuous and
increasingly disconnect with the increasing of Y content from
0.5 to 5 wt%. Since finer second phases distributed along
grain boundaries are more effective to act as barriers for dis-
location motion, thus the mechanical properties are improved
[20]. It can be inferred that the relatively higher TYS of the
alloys with higher content of Y is also related to the different
size andmorphology ofMg2Ca phases, although their eutectic
volume fractions are relatively similar.

Table 5 shows the compressive properties of the experi-
mental alloys at both the room and elevated temperatures,
including compressive yield strength (CYS), ultimate com-
pressive strength (UCS) and elongation to failure (El). The Y
additions improve both the CYS and UCS at all temperatures.

Table 4 Tensile properties of
the as-cast Mg–Ca–Y–Zr alloys at
room temperature

Alloys TYS (MPa) UTS (MPa) El (%)

Mg–0.3Ca–0.5Zr–0.5Y 66 ± 1 145 ± 5 8.3 ± 1.2

Mg–0.3Ca–0.5Zr–1Y 72 ± 1 136 ± 2 6.3 ± 0.5

Mg–0.3Ca–0.5Zr–3Y 97 ± 1 150 ± 5 5.4 ± 1.1

Mg–0.3Ca–0.5Zr–5Y 120 ± 1 191 ± 7 6.0 ± 1.6

Table 5 Compressive properties of as-cast Mg–Ca–Y–Zr alloys at different temperatures

Alloys Mg–0.3Ca–0.5Zr–0.5Y Mg–0.3Ca–0.5Zr–1Y Mg–0.3Ca–0.5Zr–3Y Mg–0.3Ca–0.5Zr–5Y

CYS (MPa) RT 62 ± 1 71 ± 1 100 ± 2 126 ± 2

175 °C 60 ± 1 66 ± 1 85 ± 3 103 ± 1

200 °C 57 ± 1 68 ± 2 83 ± 1 100 ± 1

225 °C 59 ± 1 65 ± 2 81 ± 2 101 ± 2

250 °C 56 ± 1 65 ± 1 79 ± 2 96 ± 1

UCS (MPa) RT 300 ± 4 312 ± 3 323 ± 2 352 ± 3

175 °C 253 ± 4 272 ± 1 288 ± 9 323 ± 4

200 °C 251 ± 5 275 ± 4 289 ± 2 318 ± 3

225 °C 246 ± 7 262 ± 2 292 ± 5 319 ± 4

250 °C 255 ± 9 254 ± 9 282 ± 6 311 ± 9

El. (%) RT 28.2 ± 1.9 28.2 ± 1.2 26.3 ± 2.3 22.2 ± 2.1

175 °C 26.3 ± 1.3 24.3 ± 1.1 20.5 ± 1.8 20.3 ± 1.2

200 °C 31.1 ± 1.5 26.3 ± 0.9 21.4 ± 1.1 22.1 ± 1.4

225 °C 40.2 ± 1.3 35.3 ± 2.1 28.2 ± 2.3 25.2 ± 1.1

250 °C 51.2 ± 2.1 45.2 ± 3.2 38.1 ± 2.4 34.1 ± 3.1

Influences of Yttrium Content on Microstructure and Mechanical … 95



The as-cast Mg–0.3Ca–0.5Zr–5Y alloy exhibits the highest
CYS and UCS at all temperatures. For the alloys containing
higher amount of Y (3, 5 wt%), their CYS decreases more
significantly than that with lower Y content (0.5, 1 wt%) when
the temperature increases from the room temperature to 175 °
C. But then the CYS of all alloys remains stable when further
increasing the test temperature to 250 °C. Similarly, the UCS
of all alloys first decreases dramatically with increasing the
temperature to 175 °C, but then decreases slightly when the
temperature increases to 250 °C. In contrast, the elongation to
failure of all alloys decreases with increasing the Y content. It
increases continuously with increasing the temperature from
the room temperature to 250 °C.

The good elevated temperature strength and thermal sta-
bility of the alloy can be attributed to several aspects. Firstly,
the solid solubility of Y increases with increasing the test
temperature, which may result in the improvement of solid
solution strengthening effect. In addition, the thermal-stable
Mg2Ca phases formed at the dendrites and grain boundaries
could effectively hinder the grain boundary motion, espe-
cially at the elevated temperatures. The increased elongation
to failure at the elevated temperatures should be attributed to
the activation of non-basal slip systems.

Conclusions

The effects of Y addition on the microstructure and me-
chanical properties of as-cast Mg–0.3Ca–0.5Zr–xY (x = 0.5,
1, 3, 5 wt%) were investigated. The alloy containing 0.5 wt
% Y exhibited finer grains compared to the other alloys with
higher Y content. The microstructure of all alloys had a
dendritic morphology and consisted of a-Mg matrix, Mg2Ca
phases and few Mg–Y-rich intermetallic phases. The amount
of Y addition had a significant effect on the morphology of
eutectics, but no obvious effect on the eutectic volume
fraction. The alloys with 0.5 and 1 wt% of Y had eutectics
with continuous or quasi-continuous distribution, but the
eutectic morphology changed to disconnected shapes after
adding more Y with 3 and 5 wt%. Both the tensile and
compressive strength were largely improved with the
increasing addition of Y at all temperatures, which can be
attributed to the grain boundary strengthening, solid solution
strengthening and grain boundary reinforcement effect.
Moreover, the CYS and UCS of all alloys first decreased
with increasing the temperature to 175 °C and then remained
stable when the temperature further increased to 250 °C. The
good mechanical property and thermal-stability of Mg–Ca–
Y–Zr alloys at elevated temperatures were attributed to the

thermally stable Mg2Ca phases distributed along grain
boundaries and the outstanding solid solution strengthening
effect of Y in Mg alloy.
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Strengthening and Toughening Behaviors
of the Mg–9Al Alloy Containing Oxygen
Atoms

Seung Won Kang and Dong Hyun Bae

Abstract
New Mg–O–9Al alloy has been developed by the disper-
sion of oxygen atoms in theMg–9Al alloy in which oxygen
atoms are supplied from the decomposition of TiO2

nanoparticles in the Mg–9Al alloy melt. The dissolved
oxygen atoms expand the lattice structures of both a-Mg
and b-phase, inducing the reduced mismatch distance
between a-Mg and b-phase. Therefore, yield stress of the
Mg–O–9Al alloy is 143 MPa, much higher than 110 MPa
in the Mg–9Al alloy. Fracture toughness values of
10.39 MPa m1/2 and 12.86 MPa m1/2 for both the
Mg–9Al and Mg–O–9Al alloys are also respectively
obtained. The crack propagates along the weak interface
of b-phase in the Mg–9Al alloy. On the other hand, the
b-phase disturbs the crack propagation route in theMg–O–
9Al alloy, showing many broken b-phases. Therefore, the
improved interfacial feature with an addition of dissolved
oxygen atoms in the Mg–O–9Al alloy results in much
enhanced mechanical properties.

Keywords
Mg alloy � Oxygen atoms � Mechanical properties
Fracture toughness � Interface

Introduction

In recent years, the needs for improved fuel efficiency in
transportation industry have greatly driven the development
of lightweight Mg alloys with the good specific strength and
reasonable the unit cost of production [1].

Most commercial alloys (e.g., Mg–Al–Zn, and Mg–Al–
Mn series) contain Al as a major alloying element because Al
element enhances the high room-temperature strength and
excellent castability of Mg alloys [2]. The mechanical
behavior of the Mg–Al alloy system depends on the volume
fraction, morphology, and size of the b-phase [3, 4]. The
addition of Al atoms into the Mg alloys causes the formation
of a b-Mg17Al12 phase [5] with a body-centered cubic
(BCC) structure, which forms an incoherent interface with
the a-Mg phase with a hexagonal closed packed
(HCP) structure, thereby initiating cracks at the interface and
limiting ductility of the alloys [6].

The interfacial properties of the Mg alloys can be
improved by the addition of elements such as Ca, Si, and Y
with the improvements of the thermal stability or morphol-
ogy or interfacial stability of eutectic phase [7–10]. In the
present study, we investigate the interfacial properties
modified using O atoms in the Mg–9Al alloy.

Experimental

To produce the Mg alloys containing O atoms using TiO2

nanoparticles (Mg–O alloy), pure Mg was melted in a
boron-nitride-coated low-carbon steel crucible. The crucible
with Mg melting was protected by SF6 + CO2 mixed gas
for suppressing oxidation at 720 °C. TiO2 nanoparticles
(approximately 50 nm in diameter) were added into the Mg
melt and the melt was then held for 30 min to allow the TiO2

particles to decompose. The Mg–9Al alloy containing
O atoms (Mg–O–9Al) was produced by adding Al atoms
into the above melt. The alloys were cast in a rectangular
steel mold, to produce a specimen that was 10 mm thick. We
also produced a Mg–9Al alloy specimen for comparison.

The basic characteristics, for crystallographic phase
identification, were analyzed using X-ray diffraction (XRD,
Rigaku, CN2301) with a Cu Ka radiation source
(k = 1.5405 Å). The XRD patterns were analyzed in the
range from 20 to 80° with a scan rate of 0.02°/s and
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high-resolution XRD was used in the range of 30–40° with a
scan rate of 0.002°/s. The interface between the a-Mg and
b-phase was observed by a high-resolution transmission
electron microscopy (HRTEM, JEOL, 2100FX). The com-
position of phases was analyzed by energy dispersive X-ray
(EDX) spectroscopy equipped with HRTEM. The fracture
surfaces of the samples were observed using scanning
electron microscopy (SEM, JEOL JSM-7001F) at an accel-
erating voltage of 15 kV.

A uniaxial tension test was conducted using an
Instron-type machine at a constant cross-head speed with an
initial strain rate of 1 � 10−4 s−1 at room temperature.
Tensile specimens with a gage length of 10 mm, width of
6 mm, and thickness of 3 mm were machined and then
finely polished. A single edge notched tensile (SENT) test
was conducted at a constant cross-head speed with an initial
strain rate of 1 � 10−4 s−1 at room temperature.

Results and Discussion

Decomposing of TiO2 Nanoparticles

Figure 1 shows a schematic image of a fabrication process of
the Mg alloys containing O atoms. TiO2 nanoparticles are
added into liquid Mg alloy, and they are decomposed by
high chemical potential energy. Most of the titanium slag
sink and separate from the liquid due to the difference of
density, which enables the O atoms to be dissolved in Mg
alloy. Because the amount of O atoms is not satisfying to
form magnesium oxides, they become supersaturated into
the interstitial sites of Mg after solidification [11].

Position of O Atoms in Mg Lattice Structure

To determine the position of O atoms in a Mg–O alloy, the
microstructures of the as-cast Mg–O alloy are observed by
TEM with inverse fast Fourier transform (IFFT) images as
shown in Fig. 2. The a-Mg contains relatively amounts of
Mg (97.3 at.%) and O (2.7 at.%); the measurement was
conducted in the marked rectangle and the spectra are shown
in the inset of Fig. 2a. Moiré fringes are observed in Figs. 2a
and b due to the overlap of pure Mg and distorted Mg lattice
by the O atoms. The satellite points which are obtained by O
atoms in IFFT images (inset of Figs. 2a and b) are observed
both ½�12�10� and ½0001� directions at the Moiré fringes. The
positions of O atoms in the Mg lattice structure are calcu-
lated by the IFFT images and described as the schematic
images in Fig. 2c. To detail the positions of O atoms, the
calculated positions of O atoms are combined. These results
indicate the hypothesis that O atoms occupy octahedral sites
within the Mg lattice rather than forming oxides.

Microstructure of the Mg–O–9Al Alloy

Figure 3 shows SEM images of (a) the as-cast Mg–9Al and
(b) Mg–O–9Al alloys. To observe the morphologies of the
b-phase, both specimens were chemically etched in an
acetic-picral etching solution (a mixture of 5 g picric acid,
6 ml acetic acid, 10 ml distilled water, and 100 ml ethanol).
Both specimens consist of a-Mg and b-phase. The massive
b-phase and (a + b) lamellar near the massive b-phase are
observed in the as-cast Mg–9Al alloy. However, the as-cast
Mg–O–9Al alloy only has the massive b-phase, which is
relatively short because the O atoms act as nucleation sites of
a-Mg during solidification [12].

Distributed O Atoms

The lattice distortion and the composition of different phases
was investigated using TEM images and EDX spectra, as
shown in Fig. 4 and Table 1. The b-phase in the ½011�
direction, analyzed by the selective area electron diffraction
(SAED) pattern as shown in Fig. 4c, to be parallel with the
a-Mg in the ½�12�16� direction at the phase boundary. The
a-Mg contains relatively small amounts of Al (7.7 at.%) and
O (0.7 at.%) atoms compared to the b-phase which contains
large amounts of Al (37.3 at.%) and O (3.8 at.%) atoms that
are summarized in Table 1. The HRTEM image shows that
the lattice plane spacing of ½10�10� plane is increased from
2.764 to 2.777 Å in the a-Mg and that of ½2�11� plane 4.290–
4.318 Å in the b-phase by dissolved O atoms as shown in
Fig. 4b. The expended lattice structure of the Mg–O–9Al
alloy can reduce the mismatch distance between the a-Mg
and b-phase at the interface. The smaller mismatch distance
between two phases among the possible combination of

Fig. 1 A schematic image of a fabrication process of the Mg alloy
containing O atoms
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interfacial bonding can reduce the internal energy at the
interface of two phases [12].

Mechanical Properties of the Mg–O–9Al Alloy

To evaluate the mechanical properties of the Mg–O–9Al
alloys, engineering stress versus engineering strain curves
obtained from uniaxial tension tests for both alloys are shown
in Fig. 5a and summarized in Table 2. Much enhanced
mechanical properties are observed at the Mg–O–9Al alloy

compared to the Mg–9Al alloy. The yield stress and elon-
gation values to failure are 109 MPa and 3%, respectively,
for the Mg–9Al alloy and 143 MPa and 7%, respectively, for
the Mg–O–9Al alloy. The yield stress and elongation values
of the Mg–O–9Al alloy are respectively increased by 31 and
133% compared to the Mg–9Al alloy.

The increased elongation value to failure leads to an
increase in the ultimate tensile stress of the Mg–O–9Al alloy
from 148 to 211 MPa. Thus the supersaturated O atoms in
the Mg–O–9Al alloy develops the finer b-phase by the
increased nucleation sites of the a-Mg during solidification

Fig. 2 TEM images of the Mg–
O alloy observed from a ½�12�10�
and b ½0001� directions with IFFT
images. c Schematic images show
that the O atom occupy the
octahedral site of Mg lattice
structure

Fig. 3 SEM images of as-cast
a the Mg–9Al and b the Mg–O–
9Al alloys in which the a-Mg and
the b-phase are observed.
Enlarged images of (a) and
(b) are shown in (c) and (d),
respectively, in which the massive
b-phase and (a + b) lamellar are
observed in (c) the as-cast Mg–
9Al alloy and the many fine
b-phases are observed in Mg–O–
9Al alloy
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and improves the interface features between the a-Mg and
the b-phase that significantly induces higher mechanical
properties in terms of strength and elongation.

To evaluate the effect of the improved interface features
between a- and b-phases on the fracture behavior, the SENT
tests are conducted on the Mg–9Al and the Mg–O–9Al
alloys as shown in Fig. 5b. The results of the SENT tests are

summarized in Table 2, indicating the enhanced fracture
behavior of the Mg–O–9Al alloy. The peak load of the Mg–
O–9Al alloy (1.097 MPa) is higher than that of the Mg–9Al
alloy (0.93 MPa). Fracture toughness (KI) can be calculated
using the fracture load (P) with an assumption of the Mode I
crack as follows [13]:

KI ¼ P

B
ffiffiffiffiffi

W
p � f a

W

� �

ð1Þ

where

f
a

W

� �

¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

2 tan pa
2W

p

cos pa
2W

0:752þ 2:02
a

W

� �

þ 0:37 1� sin
pa
2W

� �� �3
� �

ð2Þ
For the case of a linear elastic material, energy release

rate (J) is as follows [13]:

J ¼ K2
I

1� m2

E

� �

ð3Þ

where E is Young’s modulus and v is Poisson’s ratio. KI

values are 10.39 and 12.86 MPa m1/2 for the Mg–9Al and
the Mg–O–9Al alloys, respectively. J values are 2.37 and
3.37 N/mm for the Mg–9Al and the Mg–O–9Al alloys.

The fracture surfaces of the SENT tested specimens are
observed by SEM as shown in Fig. 6. After SENT test, long
secondary cracks (marked by white arrows) are formed in
the Mg–9Al alloy as shown in Fig. 6a, whereas secondary
cracks (marked by white arrows) of the Mg–O–9Al alloy are
relatively shorter than the Mg–9Al alloy as shown in
Fig. 6b. Especially, large fractured eutectic phases with
debris are observed in the Mg–9Al alloy as shown in
Fig. 6c. However, fine b-phase in the Mg–O–9Al alloy has
many short cracks in phase interior compared to the cracks
formed at the phase boundary as shown in Fig. 6d. That is,
the crack is hard to form at the phase boundaries in the Mg–
O–9Al alloy because of the enhanced interface features

Fig. 4 a TEM image of the a- and the b-phases in the Mg–O–9Al
alloy. b HRTEM image and c SAED pattern of area located at the
interface between the a- and the b-phases

Table 1 The composition of
a-Mg and the b-phase

a-Mg b-phase

Atom Atomic % Weight % Atomic % Weight %

Mg 91.6 91.1 58.9 57.4

Al 7.7 8.4 37.3 40.2

O 0.7 0.5 3.8 2.4
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Fig. 5 a Engineering stress versus engineering strain curves of the
as-cast Mg–9Al and the as-cast Mg–O–9Al alloys with an initial strain
rate of 10−4/s at room temperature. b Engineering stress versus

displacement curves of the notched Mg–9Al and Mg–O–9Al alloys
specimens with initial strain rate of 10−4/s at room temperature

Table 2 Mechanical properties
of the Mg–9Al and the
Mg–O–9Al alloys

Materials Properties

Young’s modulus
(GPa)

Vickers hardness
(Hv)

Yield stress
(MPa)

Ultimate tensile
stress (MPa)

Mg–9Al 41 62 109 154

Mg–O–9Al 44 77 141 226

Materials Elongation
(%)

Engineering
stress (MPa)

Fracture toughness
K1 = MPa� ffiffiffiffi

m
pð Þ

Energy release rate
(J = N/mm)

Mg–9Al 3 0.93 10.39 2.37

Mg–O–9Al 7 1.097 12.86 3.37

Fig. 6 SEM images taken near
notch crack after SENT test.
a The Mg–9Al alloy with long
secondary cracks marked by
arrows. b The Mg–O–9Al alloy
with short secondary cracks. The
magnified fracture surfaces of
c the Mg–9Al and d the Mg–O–
9Al alloys show the fractured
b-phase and secondary cracks

Strengthening and Toughening Behaviors of the Mg–9Al Alloy … 103



between a-phase and b-phase by the supersaturated O atoms
and the modified b-phase morphology.

Conclusion

In this work, the Mg alloys containing O atoms are produced
by dispersing TiO2 nanoparticles in the Mg melt and
investigate the effects on the strengthening and toughening
of the Mg–O–9Al alloy. The O atoms supplied by the
inserted TiO2 nanoparticles are dissolved into the Mg melt
and supersaturated in a-Mg and b-phase. The supersaturated
O atoms occupy the octahedral sites of the Mg lattice
structure instead of forming oxide. During the solidification,
the O atoms act as nucleation sites of a-Mg, and then fine
b-phases are formed in the Mg–O–9Al alloy. The super-
saturated O atoms are more concentrated in the fine b-phase
in the Mg–O–9Al alloy because the solid solubility limit of
O atoms is higher in liquid phase than in a-Mg, O atoms
tend to move toward the b-phase solidified after a-Mg
during solidification. The expanded lattice structures of the
a- and b-phases in the Mg–O–9Al alloy by the O atoms
decrease the mismatch distance between the a- and b-phases
and enhance the interface features.

The increment of the stress and toughness for the Mg–O–
9Al alloy and the suppressed crack propagation during the
fracture process are due to the enhanced interface features
and the modified morphology of the fine b-phase. Thereby,
the secondary cracks are shortly formed by the fine b-phase
and interior phase cracks. Therefore, the modified b-phase
morphology with the enhanced interfacial feature by the
supersaturated O atoms is effective reinforcement of me-
chanical properties in the Mg–Al alloy.
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Investigations on Microstructure
and Mechanical Properties
of Non-flammable Mg–Al–Zn–Ca–Y Alloys

Stefan Gneiger, Nikolaus Papenberg, Simon Frank,
and Rudolf Gradinger

Abstract
Among commercial structural metals, magnesium alloys
possess the lowest absolute density, featuring specific
strength values superior to other structural materials such
as aluminium alloys. Nevertheless, magnesium still shows
some major drawbacks e.g. high oxidation tendency and
more expensive processing compared to aluminium
alloys. By adding calcium and yttrium to the commer-
cially dominating AZ alloys, the oxidation behavior can
be significantly improved and processing costs can be
reduced. In this work, four Mg–Al–Zn–Ca–Y alloys with
Al contents ranging from 3 to 9wt% were produced and
compared to two standard AZ-type alloys (AZ31 and
AZ91). Mechanical properties of as-extruded specimen as
well as processability (casting and extrusion) and the
resulting microstructures were investigated. The results
show that modifying magnesium–aluminium alloys with
small amounts of calcium and yttrium improves the
materials’ oxidation resistance and flammability behavior
without deteriorating mechanical properties and
processability.

Keywords
Magnesium � Non-flammable magnesium
Calcium � Extrusion

Introduction

The global imperative for reduced ecological footprints of
transportation means, which is inevitably bound to advances
in weight reduction, drives aircraft and automobile manu-
facturers looking for alternative materials in their products.
While the use of aluminium is established for a long time,
the search of alternative materials with even higher specific
strengths goes on. Using materials with high specific
strength offers the opportunity to decrease components’
weight without compromising its overall strength. Magne-
sium is one of the most promising materials for this appli-
cation due to its low density. Compared to aluminium it is
35% lighter and possesses advantages in strength values
when normalized with density. Additionally, magnesium
parts are recyclable and can be easily machined, making the
material more advantageous for general purpose products,
especially when compared to fiber reinforced plastics.

Whilst magnesium offers a large variety of positive
properties, its use is limited due to high chemical reactivity
which causes low corrosion resistance and high oxidation
tendency. Especially its low flammability performance is a
major concern both during processing (e.g. casting and ex-
trusion) and during operation for example in applications for
commercial aviation. The use of magnesium in passenger
airplane cabins was prohibited for many years due to the risk
of self-ignition at high temperatures and problematic fire
extinguishment once ignited. Yearlong efforts of industry
together with the Federal Aviation Administration (FAA) led
to the development of a laboratory-scale flammability test in
order to obtain significant and repeatable results on the
flammability behavior of magnesium [1]. This test is now
included and described in detail in the FAA Aircraft Mate-
rials Fire Test Handbook, which describes different fire test
methods [2]. Following this, the Society of Automotive
Engineers (SAE) reworked their performance standard,
which defines the requirements for seats in civil aircrafts [3].
This standard states that magnesium alloys may be used,
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if they meet the requirements described in the Materials fire
test Handbook.

During development of the laboratory-scale flammability
test, standard alloys (AZ31 and AZ91) were compared to
alloys containing several weight percent rare earth elements,
like WE43 and Elektron 21 [4]. In the laboratory-scale tests,
the rare-earth containing alloys showed self-extinguishing
behavior while the standard alloys continued to burn [1, 4].

Since then, efforts have been made to find alternatives to
the expensive alloying with rare earths. Investigations con-
centrated on the flame retardant effect of calcium and CaO
additions led to the development of Eco-Mg—alloys well
known for their superior oxidation resistance [5–8]. Small
additions of yttrium or other rare earth elements (with
levels <1wt%) can enhance this effect [9–11]. It was dis-
covered that calcium and yttrium form additional oxide
layers on the melt surface, preventing the magnesium from
further oxidation [12]. An example for results of the inten-
tions is the Mg–Al–Ca–Y system, which is currently under
development [13–19]. In the present work, the processability
(casting and extrusion), the mechanical properties in the
extruded state and the flammability resistance of four
“non-flammable” Mg–Al–Ca–Y–(Zn, Mn) alloys were
investigated and compared to two commercial available Mg–
Al–Zn alloys, namely AZ31 and AZ91.

Methodology

Six alloys with their nominal compositions given in Table 1
were produced. Two alloys representing commercially
available AZ alloys while four alloys based on the same
system were modified with small quantities of Ca and Y.
The manganese content was adjusted in the Y containing
alloys in order to decrease the formation of undesired ternary
Al–Mn–Y phases which reduce the amount of Y available
for the formation of other phases. While the alloys con-
taining 9wt% Al are preferential used for cast applications,
the alloys with lower Al contents can be considered as
wrought alloys.

The alloys were prepared using commercial pure Mg
ingots (99.8wt%), Al ingots (99.9wt%), Zn ingots (99.8wt%),
calcium granules (99.6wt%), manganese chloride and a

magnesium—30wt% yttrium master alloy. The melt was
prepared in a resistance heated furnace using mild steel cru-
cibles. For casting, the melt temperature was held at 720 °C
and the melt was covered with a protective gas atmosphere
(Ar + 1% SF6). Billets with a diameter of 63 mm and a length
of 240 mm were cast into a preheated steel mold. The mold is
represented in Fig. 1. For controlling the flowability of the
melt, AZ91 and AZXW9100 alloys were cast into tempered,
spiral shaped steel molds.

After casting, the alloys were homogenized at 425 °C
(AZ91D,AZXW8000 andAZXW9100) and 440 °C (AZ31B,
AZXW3100 and AZXW6000) for 24 h under protective gas
atmosphere (Ar + 1% SF6).

Cylindrical dilatometer test samples with a diameter of
6 mm and a length of 10 mm were machined out of the
homogenized billets. The samples have been tested in a
Bähr 805 A/D deformation dilatometer with varied speed
(0.1 s−1, 1 s−1, 5 s−1) and temperature (300 °C, 350 °C,
400 °C).

After homogenization, the billets were turned down to a
diameter of 58.5 mm, suitable for extrusion pressing. Direct
extrusion pressing was done in a laboratory-scale extrusion
press with a maximum extrusion force of 1.5 MN. The bil-
lets were inductively heated to 390 °C before extrusion and
the extrusion speed was chosen to be 1.0 mm/s (ram speed).
Rectangular shaped profiles (43 mm � 7.4 mm) were
extruded for investigations of the mechanical properties and
the flammability resistance.

Flat tensile test samples according to EN ISO 6892 with a
gauge length of 50 mm and a cross section of 2.4 mm
12.5 mm were machined out of the extruded profiles.
Flammability test samples with a dimension of 6.35 mm
38.1 mm � 508 mm were fabricated.
For the flammability tests, the test setup shown in Fig. 2

was used. The samples were mounted horizontally and
exposed to a gas flame for 120 s. The burner positioning as
well as the gas flow was kept constant during the tests. The
test procedure and setup is following those prescribed in the
FAA flammability test with some minor differences: While
the FAA test uses kerosene-type fuel, the burner presented
here is fired by propane gas. Additionally, due to the dif-
ferent flamer setup and resulting flame temperatures, the test
duration of the present test was limited to 120 s, in contrast

Table 1 Nominal chemical
compositions of the investigated
alloys

Alloy Al Zn Mn Ca Y Mg

AZ31B 2.5–3.5 0.7–1.3 >0.2 0.0 0.0 Bal.

AZ91D 8.5–9.5 0.45–0.9 >0.17 0.0 0.0 Bal.

AZXW3100 3.0 0.8 0.1 0.5 0.2 Bal.

AZXW6000 6.0 0.3 0.1 0.5 0.2 Bal.

AZXW8000 8.0 0.3 0.1 0.3 0.2 Bal.

AZXW9100 9.0 0.8 0.1 0.3 0.2 Bal.
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to 240 s applied in the FAA test. Nevertheless, this labora-
tory scale test is able to reveal the specific flammability
resistance of alloys.

Results and Discussion

Melt Preparation/Casting

Due to the additions of Ca and Y, melt preparation of
AZXW alloys is more complex compared to the standard AZ
alloys. Nevertheless, when using a Mg–Y master alloy, the

yield is very high and alloying is simple. Alloys containing
Ca show reduced reactivity and the amount of cover gas
needed for melting and melt handling can be reduced by a
great amount and under certain circumstances melt covering
is not necessary at all e.g. in a properly closed furnace.
Additionally, the surface quality of the cast parts is better for
Ca containing alloys due to the protective effect of Ca.

The flowability of AZXW9100 is superior compared to
conventional AZ91 alloy, which leads to advantages in
casting of parts with small wall thickness. Figure 3 shows
the spirals of AZXW9100 and AZ91 in direct comparison.
On average, the flow length of AZXW9100 is 35% higher
than that of AZ91. Apparent porosity in the cast billets and
spirals was equal for both alloys. According to H. S. Kim
et al., the flow length is reduced when 1.31wt% Ca is added
to Mg due to increasing solidification range [20]. In contrast,
Fu et al. noticed an increase of melt fluidity caused by Ca in
Mg–Zn–Ce alloys and suggested grain refinement and
absence of oxide inclusions as the main effects [21]. Further
investigations on the grain structure, the melt purity and the
solidification behavior are recommended for clarifying the
role of Ca on the flowability of Mg–Al melts. Also it should
be noted that measuring the flowability by cast spirals is
strongly dependent on temperatures (melt and mold) and on
casting procedure (speed, melt volume in ladle etc.) and is
therefore only meaningful for direct comparisons of casts
done in quick succession.

Microstructure

Figure 4 shows the as-cast microstructure of AZ91. Blocky or
needle-shaped Al–Mn-phases as well as b-phase (Mg17Al12)
can be found. After homogenization, the b-phase was

Fig. 1 Steel mold

Fig. 2 Flammability test setup

Fig. 3 Cast spirals showing the flowability of AZ91 and AZXW9100
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completely dissolved whereas the Al–Mn-phases remained
unchanged (Fig. 5).

Figure 6 shows the microstructure of AZXW9100
(as-cast). EDS mappings showed that Ca can be found
preferably in the b-phase and in small quantities also in an
Al–Ca phase. The overall fraction of b-phase is higher
compared to AZ91. After homogenization, the b-phase was
partially dissolved while all other phases remained unchan-
ged (Fig. 7). Ca is known to increase the thermal stability of

Mg17Al12 [22], an effect considered as main reason for less
effective homogenization treatment. The brightest phases in
Fig. 7 were identified as Al–Mn, Al–Y and Al–Mn–Y,
where the majority of the analyzed phases were Al–Mn–Y.
As can be seen, the Al–Y and Al–Mn–Y phases appear
almost identical in the SEM micrographs. Therefore, com-
prehensive EDS analyzes are important for differentiation.
Inquiring the literature, the phases found in the samples can
be specified as Al8Mn5, Al2Y and Al10Mn2Y [23–26].

Fig. 4 SEM micrograph of AZ91 (as-cast)

Fig. 5 SEM micrograph of homogenized AZ91

Fig. 6 SEM micrograph of AZXW9100 (as-cast)

Fig. 7 SEM micrograph of homogenized AZXW9100
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Dilatometer Tests

Compression testing with varying temperatures and strain
rates are widely used as assessment tool for forming pro-
cesses. Thereby a rough estimation of process flow stresses
and resulting microstructure can be made. The process
microstructure depends on the stock material as well as on
various processing parameters e.g. temperature, strain rate
and degree of deformation. While the temperature and strain
rate can be kept near constant throughout the testing, the
degree of deformation varies within the sample. The highest
effective strain can be found in the center of the sample
while the outer edge experiences hardly any deformation.
This is also easily visible in the resulting microstructure
which is depending on the local effective strain.

All samples were tested without failures or cracks at
400 °C and a strain rate of 0.1 s−1 (*1 mm/s), the results
are presented in Fig. 8. The material shows typical dynamic
recrystallization behavior as a rapid softening after the peak
stress has been reached [27]. As expected, the curves show a
general increase in peak stress with increasing Al content,
whereas the flow stress of all alloys at high strains (steady
stage) is similar. The flow stress curves of AZ31 and
AZXW3100 are nearly identical, which implies that the
processability of both alloys is equal.

Figure 9 shows the center of a tested sample
(AZXW6000) with a fine recrystallized grain structure. The
grains on sample rim (Fig. 10) on the other hand are inter-
spersed with various twins, which shows that the tempera-
ture of 400 °C and the low amount of deformation was not
sufficient to start dynamic recrystallization.

Figure 11 shows the microstructure of as extruded
AZXW6000. Compared to Fig. 9 one can see that the
microstructure is not fully recrystallized as twins and twin

bands are still visible. Also the grain size of the extruded
sample is substantially bigger. Additionally, trails of parti-
cles can be easily recognized which is typical for extruded
material.

Extrusion Pressing

For evaluating the extrusion process, diagrams of every
single pass were recorded. Measured data are the extrusion
pressure, ram- and die exit speeds and the ram- and container
temperatures. One example diagram is shown in Fig. 12.
Additionally, the surface quality of the profiles was
evaluated.

The extrusion pressures and speeds of all investigated
alloys were within common deviances and no significant
differences between the materials were observed. In contrast
to the experimental data obtained in [16], differences were
less significant as the extrusion ratio was substantially
smaller and obviously not sufficient to work out details. The
surface quality of all profiles was good which was antici-
pated at the applied speeds.

Tensile Tests

Figure 13 shows the tensile test results of the extruded
samples. As anticipated, the strength values increase with
increasing Al content for all alloys and for AZ alloys the
elongation decreased. The addition of Ca and Y to AZ alloys
has only a marginal influence on the strength values. The
elongation decreased from AZ31 to AZXW3100 whereas
the elongation from AZ91 to AZXW9100 increased. Com-
pared to the results from [19], the results presented here are

Fig. 8 Flow curves of
homogenized AZ31 and AZXW
alloys, T = 400 °C, _e ¼ 0:1 s�1
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inferior. Reason for this could be the longer gauge length of
the flat test samples used in the present investigations and
the substantially lower extrusion ratio (1:9 compared to
1:25). Further investigations are necessary to fully under-
stand the particular decrease in elongation of alloy
AZXW8000.

Flammability Tests

In the flammability tests AZ31 as well as AZ91 started to
ignite in the given circumstances while all AZXW alloys
passed without ignition. Main reason for ignition is the
formation of a melt droplet, dripping off the material. Dro-
plets remain on the specimen endings which are still directly
exposed to the flame and therefore prone to overheating and
ignition. Figures 14 and 15 shows specimen of AZ31 and
AZXW3100 during the test, 60 s after the burner was
removed. AZ31 started to ignite on the remaining ends close
to the burner impingement area and continued burning after
dripping while AZXW3100 showed no ignition at all.

Fig. 9 AZXW6000 dilatometer sample, center

Fig. 10 AZXW6000 dilatometer sample, rim

Fig. 11 AZXW6000 extruded sample, center
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Fig. 12 Experimental data of the extrusion of AZXW3100

Fig. 13 Mechanical properties
(tensile) of the extruded alloys
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Conclusions

1. Small amounts of Ca and Y added to AZ-type magne-
sium alloys improve their castability (flowability and
oxidation behavior) without showing a detrimental effect
on the mechanical properties of the alloys in the extruded
state.

2. As known, higher Al content in Mg–Al alloys leads to
increased strength and flow stress. This behavior can also
be confirmed for AZXW alloys in all tested temperature
ranges. The small amount of additional alloying elements
show no significant change in flow stress in comparison
to the original AZ-type alloys.

3. The melt reactivity and flammability of AZ alloys can be
reduced effectively by addition of Ca and Y. This allows
a reduction of protective gas usage throughout casting
and heat treatment processes.

4. Altogether, AZXW alloys can be an alternative to
flammability resistant alloys containing large amounts of
rare earths with a significant reduction in both cost and
environmental footprint. It has also been shown, that
AZXW alloys can be used as an alternative to classical
highly reactive magnesium alloys.
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Development of BioMg® 250 Bioabsorbable
Implant Alloy

R. Decker, S. LeBeau, D. LaCroix, S. Makiheni, and J. Allison

Abstract
The alloy development of bioabsorbable BioMg® 250 is
described in terms of design of mechanical properties,
biocorrosion rate and biocompatibility. The basic mech-
anistic role of microalloyig elements Zn, Ca and Mn is
discussed as related to microstructures. In vitro corrosion
and in vivo animal studies are reported. Finally, we list
potential orthopedic applications in bone fixation devices
fabricated from BioMg 250.

Keywords
Magnesium � Bioabsorbable � Implant � Alloy

Introduction

Bone trauma, including fracture and osteoporosis, is a major
challenge for biomedical engineering. There are about 6
million bone fractures reported in the US annually with a
significant number requiring some type of fixation device to
facilitate healing. The majority of fixation devices are made
of non-bioabsorbable conventional implants such as titanium
(Ti) or stainless steel. However, a significant portion of these
non-degradable implants require secondary removal surg-
eries which are painful and costly; but also risk infections
and further fractures. In addition to the implant being per-
manent, post-surgical complications as a result of local tissue
reaction and protrusion have been recorded.

Devices constructed with bioabsorbable polymers, e.g.
PLLA/PLGA, have been developed to overcome the current

concerns and complications with stainless and Ti. Due to
their low strength of 80–100 MPa, these polymer-based
devices have limited utility in load-bearing sites and in
self-tapping screws. In addition, some of the polymer devi-
ces have shown some long term foreign body reactions.

There is a need to develop alternate material-based im-
plants for orthopaedic applications. Magnesium (Mg) and its
alloys are such candidates due to their biodegradability,
non-toxicity and excellent mechanical properties. Compared
to Ti or stainless steel, Mg alloys have physical and
mechanical properties that more closely match those of bone.
Several Al-containing Mg alloys have been evaluated. A rare
earth–containing Mg alloy, Magnezix® MgYRE, is in com-
mercial use for compression screws. Mg is the 4th most
abundant element present in the body. Mg+2 is biocompatible
and osteoconductive in promoting new bone growth [1–5].

NanoMAG has developed a proprietary Al- and RE-free
Mg alloy, BioMg® 250, leveraging microalloying with small
multiple alloying additions of zinc (Zn), calcium (Ca) and
manganese (Mn)- in preference to larger singular or binary
additions [6]. This approach provides: (a) improved strength,
(b) lower potential toxicity (c) improved ductility, forma-
bility and toughness. Microalloying affords less corrosion
compared to excessive alloying additions and, therefore,
controlled release of hydrogen which the human body can
accommodate. The design for mechanical properties,
bioabsorbing corrosion rate and biocompatibility are
described below—along with in vivo animal tests.

Alloy Design

Alloying for Mechanical Properties

Mechanical properties double those of bioabsorbable poly-
mers are required for structural bone fixation; both for sur-
gical insertion and also to insure rigid fixation of the repaired
bone array. Such >200 MPa strength levels are seen in Mg
alloys that are hardened by Al; but that element is suspect in
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dementia, Alzheimer’s disease and bone dissolution.
Therefore an alternate strengthening mechanism is deman-
ded for bioabsorbable Mg alloys.

Therefore, nanoMAG selected a new combination of
alloying elements to fortify the mechanical properties of the
Mg base. Narrowing the search to elements that are estab-
lished nutrients to the body, nanoMAG utilized Quantum
Mechanics First Principles to select and optimize ternary
additions. At the same time, the principles of microalloying
were practiced—to capture synergisms amongst the alloying
elements at low levels while avoiding the detrimental effects
on corrosion and ductility of phases introduced by excessive
alloying.

Thus the selected ternary alloying elements were Zn, Ca
and Mn, The solid solution is strengthened, especially with
Mn [7] (Table 1); but also Ca [7, 8]. The mixing enthalpy
between Ca and Zn is negatively large at −22 kJ/mol, an
order of magnitude larger than Mg–Ca. Thus there is a
strong attractive interaction between Ca and Zn in the Mg
matrix [9]. The free energy of the alloy system can then be
lowered during processing by the segregation of alloying
elements—(a) to cluster on dislocations and grain bound-
aries and (b) to nucleate nano-sized phases (nanoMAG)
[10]. Thus, the alloy is strengthened. Ca and Zn lower the
stacking fault energy of Mg, thus resulting in activation of
non-basal slip [11]. Grain boundary cohesive energy, 2ɣint,
is increased to the benefit of ductility and toughness
(nanoMAG) [10, 12, 13].

Indeed, that is the case wherein clusters or short range
ordered zones (known as Guinier-Preston (GP) zones) form
on the basal {0001} planes of Mg. These GP zones are one
atomic layer thick (<0.5 nm) and about 15 nm in diameter
(see Fig. 1). The array of Zn and Ca atoms in these ordered
zones is pictured in Fig. 2. The Zn to Ca ratio is 2:1 and
interparticle distance is 10 nm on the basal plane. The
population is about 1022–1023/m3. These zones resist dislo-
cation deformation on the basal planes, shunting this
deformation to pyramidal planes for higher strength and
formability.

In addition, the alloy and processing were designed for
fine grains. Zn decreases grain size of Mg, as cast and as
thermomechanically processed. Likewise, Mn serves the
same benefit; but due to spherical a Mn particles of 10–
120 nm size (see Fig. 3). Thus the Hall-Petch effect is uti-
lized to boost strength combined with ductility.

The end result is tensile strengths of 250–320 MPa and
elongations of 12–20%, depending on the process steps (see
Tables 2, 3). The excellent ductility and formability are
demonstrated in Fig. 4.

Alloying for Low Texture and Good Formability
and Ductility

The Ca atoms and Zn atoms co-segregate to grain bound-
aries in a strong interaction—both elements minimizing the

Table 1 Alloying elements in
BioMg® 250 and strengthening
potential

Alloying element in Mg base Solid solution strengthening potency (MPa/Atomic %) [7]

Zn 33

Ca 84

Mn 121

GP ZoneGP Zone

(a) (b)Fig. 1 Electron micrograph
images of GP zone in BioMg 250,
a brightfield image, b darkfield
image in which bright atoms are
Zn and Ca (Allison, Makiheni)
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elastic strains of the dislocations in the grain boundaries.
By this mechanism, grain growth of highly ori-
ented <1120> grains is inhibited; thus randomizing the
growth of grains with other orientations (nanoMAG) [12].
Also contributing is the presence of second phase Mn par-
ticles during thermomechanical processing. Low texture of
MRD 3.396 was produced in the stock of BioMg 250 used
for plate implants as Treatment A in Table 2 (see Fig. 5).
Rather than domination of basal slip, deformation is shared
on pyramidal planes. This makes for superior formability
compared to conventional Mg alloys which exhibit higher
textures of about Multiple of Random Distribution = 8–10.

Alloying for Biocorrosion

Small alloying additions of Zn, Ca and Mn were all bene-
ficial to corrosion resistance in Synthetic Body Fluids
(SBF) at 37 °C. However, with each element, excessive
additions introduced extra phases that led to excessive

degradation rate. Thus microalloying with the three elements
resulted in a rate intermediate between ZK60 (too fast) and
AZ91D (too slow) for bioabsorption in 1 year (Fig. 6).

Zn Optimum small additions to the Mg base reduce corro-
sion and H2 evolution. The oxidized Zn ions report to Mg
(OH2) replacing Mg2+ cations, thus suppressing penetration
of Cl− anions through the Mg(OH2) corrosion layer. Zn
forms Mg2Zn particles that are anodic to the Mg matrix and
Ca3Mg6Zn2 particles that are cathodic, thus affording control
of corrosion rates. Excessive Zn additions lead to excessive
phases, promoting excessive corrosion and H2 evolution.

Ca Likewise, small additions reduce corrosion of Mg; but
excessive additions lead to high corrosion and H2 release—
notably due to Ca3Mg6Zn3 and Mg2Ca phases at grain
boundaries.

Stress Corrosion

BioMg 250 demonstrated good resistance to stress corrosion
cracking during in vitro exposure in SBF for 50 days. As
seen in Fig. 7 and Table 4, 4-point loaded bend samples
stressed to 100, 150, 200, 250, 300, 350 and 400 MPa
survived without cracking, The residual bend stresses and
bending strains after SBF exposure were independent of
exposure stress level.

Alloying for Biocompatibility—Primary Criteria
Being Selection of Elements that are Nutrients
and Promote Bone Growth (Osteoconductivity)

The base Magnesium (Mg) is a bone promoting, biocom-
patible and biodegradable material.

Magnesium is an essential element in the body. Mg+2 is
the fourth most abundant cation in the human body and is a
co-factor to many enzymes and metabolic processes [1–5].
Yoshizawa and Sfeir et al. [14] identified extracellular
matrix proteins and transcription factors positively affected
by Mg+2 that are responsible for the enhanced bone gener-
ation observed around degradable Mg orthopaedic/
craniofacial devices. Cheng [15] found that Mg interfer-
ence screws for anterior cruciate ligament (ACL) fixation
in vivo promoted the expression of bone morphogenic
protein-2 (BMP-2) and vascular endothelial growth factor
(VEGF) and fibrocartilaginous enthesis regeneration. In vitro
and in vivo studies indicated that Mg-based implants have
good biocompatibility without inflammatory reactions [16,
17]. Mg alloys better match bone strength and elastic
modulus than Ti implants, thus mitigating stress shielding
tendencies. Push-out testing revealed significantly greater

Fig. 2 Array of Zn and Ca atoms in GP zone on basal plane of Mg
matrix of BioMg 250

100 nm

Fig. 3 TEM of spherical a Mn particles, 10–120 nm diameter, for
grain refinement (Allison, Makiheni)
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pull-out force, ultimate shear strength and energy absorption
in Mg implants than in Ti implants—with significantly
higher bone-implant contact and bone volume with the Mg
implants [4]. Upon absorption, the volume surrounding the
Mg implant becomes alkaline as an advantage over the
harmful acidity around certain polymer implants. The
rapidly growing body of evidence for Mg’s osteogenic
enhancing effects suggests it could be harnessed to improve

bone defect regeneration. In a 48 patient clinical study,
Dewei-Zhao [18] found that biodegradable Mg screws pro-
vided successful fixation of vascularized bone graft in
treating osteonecrosis of the femoral head (ONFH). Mg had
antibacterial effects, as enhanced by Zn [19].

Calcium (Ca) is known to be an essential nutrient element
and the most abundant mineral in the body, about 1000–
1300 g for a healthy adult. It can regulate the normal
physiological function of the organs, tissues and systems. Ca
is the major mineral component of bone and teeth, playing a
crucial role in the formation of bone. Ca can also promote
the activity of enzymes and the activity of many enzymes
involved in cell metabolism requires the activation of Ca ion,
such as lipase and amylase [12, 20].

Zinc (Zn) is a critical alloying addition to BioMg 250. Its
benefits are many, as follows:

Bone Growth—Enhanced

1. Zn enhances bone formation with mineralization and is
an essential element of osteoblastic proliferation [19, 21].

2. Zn has been implicated in the prevention and reversal of
the osteoporosis process [22].

Table 2 Mechanical properties
of BioMg 250 plates and screws

Process YS (MPa) UTS (MPa) Elong. (%) Grain size (µm)

A for medium strength 150 260 20 15

B for high strength 200 260 20 5

C for highest strength 300 320 12 3

Table 3 Mechanical properties
of BioMg 250 wire of 0.3 mm
diameter

Condition YS (MPa) UTS (MPa) Elong. (%) Bendability

Hard 400 400 3 <1.2 mm radius

Anneal C 352 352 11

Anneal D 228 269 19 Tight knot (Fig. 4)

Fig. 4 Knot tied at room temperature in 0.3 mm BioMg 250 wire,
2 µm grain size

Fig. 5 Grain structure and
texture of BioMg 250 with
treatment A of Table 2 (Allison)
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3. Zn+2 has anti-inflammatory/antibacterial effect [19, 23].
4. Zn was found at 0.3% in new bone grown in vivo on

BioMg 250 in 52 weeks (nanoMAG data).

Bone Growth Mechanisms
1. Zn has a significant role in the metabolism of proteins,

carbohydrates and lipids [24].
2. Zn release during skeletal breakdown can inhibit osteo-

clastic bone resorption [22].

3. The antibacterial effect of Zn+2 induces faster bone
healing by preventing bacterial colonization and degra-
dation of premature membrane [25].

4. Zn stimulates cellular proliferation and differentiation of
osteoblastic cells and inhibits the activity and differenti-
ation of osteoclastic cells [26].

5. Zn+2 increases ATPase activity and regulates transcrip-
tion of osteoblastic differentiation genes such as collo-
gen, osteopontin and osteocalcin [27].

Alloying Effects In Vivo

The reaction of BioMg 250 implants and its alloying ele-
ments was measured during 52 week in vivo tests in rabbits
at North Carolina State A&T. By Scanning Electron
Microscope (SEM) images and linear scans, the alloying
elements were located in (a) the residual implant, (b) a
transition corrosion layer and (c) in new bone that encap-
sulated and replaced the implant (Fig. 8). The SEM images
for Mg, Zn, Ca and Mn are seen in Figs. 9, 10, 11 and 12
along with P (Fig. 13). Quantitative measurements of
alloying contents in the transition corrosion layer and new
bone are included in Table 5.

In concert with the literature and the role in corrosion, Zn
and Mn were found in the transition corrosion layer; in the
case of Zn segregated in particles (Fig. 12). All the alloying

Fig. 6 Corrosion of BioMg 250 in SBF, compared to ZK60 and
AZ91D

Fig. 7 Unbroken BioMg 250
stress corrosion sample exposed
at 400 MPa bend stress after
50 days in SBF

Table 4 Post bend test results on
stress corrosion samples of
BioMg 250 exposed 50 days in
SBF at 37 °C and pH 7.8

SCC stress level (MPa) 0 100 150 200 250 300 350 400

Residual strength (MPa) 175 230 228 226 168 250 193 274

Bending strain (mm) 0.14 0.25 0.21 0.19 0.19 0.27 0.16 0.36

Development of BioMg® 250 Bioabsorbable Implant Alloy 119



Fig. 8 SEM of residual implant after 52 weeks in vivo, with corrosion
reaction layer and encapsulating new bone

Fig. 9 Mg map

Fig. 10 Ca map

Fig. 11 P map
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elements were found in the new bone, probably related to
their osteoconductivity. Ca, P and O were derived from the
body.

Biocompatibility Testing

BioMg 250 was subjected to ISO 10993 tests, with results as
follows:

1. Cytotoxicity (ISO10993-5)—no evidence of lysis or cell
toxicity.

2. Irritation or intracutaneous reactivity (ISO 10993-10)—
met requirements.

3. Muscle implantation (ISO 10993-6)—classified as a
non-irritant.

4. Pyrogenicity (ISO10993-11)—non-pyrogenic.
5. Genotoxicity (ISO 10933-3)—non-mutagenic to 5 strains
6. Risk Assessment of Toxicology (ISO 10993-12)—no

risk to patients from extractable materials.

Potential Biomedical Applications

Potential Biomedical Applications for BioMg 250 are in
ACL fixation, foot and ankle, hand and wrist, spine, cran-
iofacial and dental locations—in the form of screws, plates,

Fig. 12 Zn map
Fig. 13 Mn map

Table 5 SEM linear scan results
on BioMg 250 implant after
52 weeks in vivo in rabbit

Element % in transition layer % in new encapsulating bone

Mg 23–30 1.4–6.6

Zn 1.0–1.7 0.22–0.31

Ca 11–15 38–41

Mn 0.2–0.5 0.08–0.14

P 4–10 18–19

O 49–53 37–40
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wire, membranes and K wire. Some of these devices are seen
in Fig. 14.

Conclusions

1. Microalloying the Mg base with Zn, Ca and Mn produces
the mechanical properties, biocorrosion rates and bio-
compatibility needed for orthopedic bone fixation.

2. Such Mg alloy fixation offers relief from the cost, pain
and infection of secondary removal operations that might
be required for non-absorbable implants.

3. BioMg 250 is expanding in vivo trials for several of the
above-mentioned implant applications.
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The Electrolytic Production of Magnesium
from MgO

James C. Withers, John Laughlin, and Jeffery Babis

Abstract
There is only one primary producer of magnesium
(Mg) metal in the U.S. utilizing an electrolytic process
with feed from the Great Salt Lake. While electrolytic
extraction of Mg from anhydrous MgCl2 is 1.3� more
energy efficient than the ferrosilicon reduction of
dolomite, this Pidgeon process consumes over 2.3� the
energy and produces 5� the CO2 of the electrolytic
MgCl2 process. However, direct electrolytic reduction of
MgO provides an opportunity to produce Mg at 20% less
cost than the Pigeon process, conserve energy, and reduce
CO2 emissions. It has been demonstrated Mg can be
electrolytically produced just above its melting point
utilizing a composite anode of MgO+C as well as in a
vapor state at approximately 1200 °C when MgO is
dissolved in a select all fluoride fused salt. The high
temperature processing is being bench pilot scale demon-
strated to confirm the lower energy requirement and cost
savings for full commercial scale demonstration.

Keywords
Electrolytic magnesium � MgO electrolytic-magnesium
Mg $2/kg

Introduction

Magnesium has one of the highest strength to weight ratios
of frequently used structural metals at 158 kNm/kg com-
pared to aluminum at 130 kNm/kg and steel at 38 kNm/kg.

Magnesium is widely viewed as essential to lightweighting
for both automotive and aircraft applications to reduce car-
bon emissions. There are a plethora of commercial and
consumer applications for magnesium that will significantly
expand with the availability of lower cost magnesium.
However, greater adoption of magnesium will only be
realized when it can be produced at a lower cost with energy
savings and reduced carbon emissions. The world’s largest
producer of magnesium is China using the Pidgeon process
which is the reduction of dolomite (MgO) with ferrosilicon
(FeSi). The cost of producing Chinese-Pidgeon magnesium
is $2.50/kg [1, 2]. Recently CSIRO of Australia has claimed
the ever elusive carbothermic reduction of MgO utilizing a
supersonic nozzle to separate the magnesium vapor from the
back reaction from the gaseous CO which, if such a process
can be commercialized, has the potential to be economical.

The sole producer of magnesium in the U.S. is U.S.
Magnesium, LLC who utilize magnesium chloride from the
Great Salt Lake to electrolytically produce magnesium
which although more environmentally friendly than the
thermal Pidgeon process costs approximately $3.31/kg [2].
A comparison of the energy efficiencies, carbon emissions,
cost and strength ratio of magnesium and the comparative
structural metals of aluminum and steel is shown in Table 1
[2–5].

The cost of the electrolytic magnesium process has been
estimated as shown in Fig. 1 [2–6].

A goal for magnesium to expand its use domestically is
that its production reach parity with steel on cost, energy
consumption, and CO2 emissions. Table 2 shows the nec-
essary energy, emissions and cost requirements for magne-
sium to equal parity with steel. As shown in Table 2, the cost
requirement is approximately 20% lower than the
Chinese-Pidgeon process and 40% lower than the current
magnesium chloride based electrolytic process with
approximately 38% reduction in energy requirements.

Korenko, et al. [7] reported a process of 0.3 mol% MgO
dissolved in 52.4 mol% MgF2-49.6 mol% CaF2 operated at
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1250 K electrolytically produced magnesium at a cathode
and CO2 at a graphite anode. The liquid magnesium at the
cathode was transported with flowing argon and condensed
outside the electrolysis cell then refined from the salt elec-
trolyte and cast into solid blocks. A 20 A cell was operated
which produced a 90% cathodic efficiency resulting in a
projected cost of $2.46/kg of magnesium produced and
4.78 kg CO2/kg Mg. The experimental projected cost is less
than the magnesium chloride electrolytic process and com-
parable to the mature Chinese-Pidgeon process. The CO2

emissions are lower than either of the other magnesium
processes. Although this [7] electrolytic process uses the
desirable lower cost MgO feed with low CO2 emissions, it
does not meet the parity cost with steel requiring $1.98/kg.

The author [8] patented the composite anode process
consisting of stoichiometric MgO–C in a densely pressed
anode. Many fused salt electrolytes can be used that include
all chlorides, all fluorides, and mixed chlorides and fluorides

operated at just above the melting point of magnesium such
as 650+ °C–700 °C. This lower operating temperature is an
advantage to harvest the magnesium. In the mid-1980s this
composite anode process was scaled to large bench cells
which projected it would be possible to produce magnesium
for approximately $2.00/kg or possibly less. If this can be
confirmed, the goal of magnesium parity with steel as pre-
sented in Table 2 would be achieved establishing the U.S. as
the low cost producer and significantly expand the magne-
sium market.

Electrolytic Processes to Produce Mg Metal

Under ARPA-E sponsorship, the high temperature process
of dissolving MgO in MgF2–CaF2 developed at Valpariso
University under the direction of Professor Palumbo [7] is
being scaled-up to a 500 A size. It is expected that elec-
trolysis will begin in early 2018. This scale from 20 to
500 A shall confirm the operation of the system with the
potential to achieve a lower cost than the current projection
of $2.46/kg for the MgO in MgCF2–CaF2 process.

The metal oxide-carbon composite anode process has
been demonstrated for several metals including magnesium,
aluminum, titanium, the rare earths, beryllium, boron,
chromium, zirconium, hafnium, vanadium, as well as pro-
ducing alloys in some cases by combining two oxides with
the carbon in the same anode. The author [8] has bench scale
fused salt cells available at ATS-MER and is seeking part-
ners to further investigate the MgO–C composite anode
process to operate in the 670–700 °C range to verify that
magnesium can be produced for $2.00/kg or less. The goal is
to utilize magnesium hydroxide or carbonate as a feed as
these compounds are the most economical source of mag-
nesium which converts to MgO when pressed in an anode
and fired with the carbon precursor to produce a composite
anode. The large volume scale price of Mg(OH)2 or Mg
(CO3)2 is approximately $0.20/kg providing a low cost feed
that helps in the potential to achieve the $2.00/kg goal. The
electrolysis step at the lower temperature (690–700 °C) is
less expensive than aluminum production in the Hall-Heroult
processing which is $2.00/kg or less in the most efficient

Table 1 Strength, energy,
emissions, cost, and density for
aluminum, magnesium, and steel

Aluminum Magnesium Steel

Strength-to-weight ratio (kNm/kg) 130 158 38

Processing energy (kWh/kg) Hall-Heroult: 56 Western electrolytic: 43.6
Pidgeon process: 102

6.4

Theoretical minimum energy (kWh/kg) 7.5 5.8 2.4

Emissions (kgCO2/kg) Hall-Heroult: 22 Western electrolytic: 6.9
Pidgeon process: 37

2.3

Domestic production cost ($/kg) 2.00 3.31 0.47

Density (kg/m3) 2700 1800 7870

Fig. 1 The estimated cost profile for U.S. magnesium

Table 2 Energy, emissions and cost requirements for parity with steel

Magnesium

Current Steel parity

Energy (kWh/kg) 43.6 27.3

Emissions (kgCO2/kg) 6.9 9.8

Cost ($/kg) 3.31 1.98
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plant. Producing the MgO–C composite anode is also less
expensive than producing the carbon anodes for the
Hall-Heroult cells. At the production scale in comparison to
aluminum it can be projected that the MgO–C composite
anode process can be produced for approximately $2.00/kg.

Discussion

To meet parity of producing Mg with steel cost which is the
key to Mg’s widespread use, the production process must be
less than the Chinese-Pidgeon process or laboratory feasi-
bility demonstrated process at Valpariso [2] which is about
the same as the Pidgeon process. However, the Valparaiso
process meets the CO2 emissions goal. Although scale-up
often opens avenues to reduce cost, a reduction of approx-
imately 20% will be challenging but may be possible using
lower cost feed material. Innovative transporting and har-
vesting of the Mg vapor may further help in reducing the
cost to $2.00/kg. It appears the lower temperature (670–
700 °C) composite anode process has the most potential to
achieve the parity cost of magnesium with steel at $2.00/kg.
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Empirical Examination of the Formation
of Mechanical Properties of Heated
Twin-Roll-Cast Magnesium Strips

Claudia Kawalla, Marie Teuber, and Michael Höck

Abstract
Magnesium components using strips produced by the
Twin-Roll casting technology are of high interest for the
automotive industry. Depending on the components
application Original Equipment Manufactures define rigid
mechanical property standards for magnesium sheets to
ensure a high finished product quality. To meet these
requirements continuously in a large-scale production via
quality assurance the highly complex relationships during
Twin-Roll casting need to be investigated holistically.
This paper proposes a structural equation model for the
assessment of the interrelationships of Twin-Roll casting
process parameters and mechanical properties in trans-
verse direction of heat-treated AZ31 Twin-Roll-Cast
(TRC) strips using partial least square structural equation
modeling (PLS-SEM). Within this context, the impact of
the casting parameters, thickness profile and segregation
formation on mechanical properties of magnesium strips
after heating and before hot rolling will be approximated.
It will be shown that the TRC thickness profile indicates
mechanical properties irregularities due to local
segregations.

Keywords
Twin-Roll casting � Magnesium alloy AZ31
Thickness profile � Mechanical properties
Structural equation modeling � Partial least square

Introduction

Twin-Roll casting is an energy-efficient process to produce
Twin-Roll-Cast (TRC) strips, especially in the field of light
metals [1, 2]. This technology was further developed for the
TRC strip production of various magnesium alloys at the TU
Bergakademie Freiberg [3, 4]. Moreover, hot rolled TRC
strips were successfully applied as prototypes in the auto-
motive industry [5]. The pilot plant of the university enables
the production of TRC strips in a thickness range of 3.0–
7.0 mm and awidth up to 780 mm. The hot rolling of the TRC
strip occurs either continuously or discontinuously after an
intermediate annealing and enables the manufacturing of hot
rolled strips with a thickness up to 0.8 mm. After hot rolling
the strips are subjected to a final annealing to set the required
final properties [6, 7].

Final properties of hot rolled strips result, inter alia, from
the quality of TRC strips, which strongly depends on the
individual process conditions. The Twin-Roll casting pro-
cess is a highly complex process and depends on many
interactive and partially unknown parameters which are not
directly derivable from measurement data. To identify the
impact factors on the thickness profile quality of TRC strips,
a structural equation model was developed. Evaluated by the
partial least square structural equation modeling (PLS-SEM)
approach [8], a multivariate analysis method, the interrela-
tionship between the TRC width, length of contact arc,
deformation resistance, strip forming force and the thickness
profile was demonstrated [6]. The model was expanded by
the level of segregations [9]. Based on the research results
[6, 9] further casting parameters were deliberately varied to
determine the interrelationship between thickness profile,
macrosegregations and mechanical properties of annealed
TRC strips in transverse direction. Thus, TRC strips should
be already selected for further production during processing
to produce hot rolled strips with optimal properties.

In this paper, we propose a structural equation model for
the determination of the impact of various process conditions
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on the formation of the thickness profile and the associated
microstructure evolution as well as the mechanical properties
after annealing in transverse direction, which was approxi-
mated by the predictive modeling approach PLS-SEM.

Twin-Roll Casting Including Strip Forming
and Heat Treatment Processes

During Twin-Roll casting, the melted magnesium alloy
AZ31 is poured into the roll gap of two rotating work rolls
by a special cast system via nozzle. The melt solidifies by
contact with the water-cooled work rolls within the roll gap,

and the solid phase undergoes a plastic deformation [10, 11].
The area between the work rolls can be divided into several
sections: the liquid phase with solidified shells at the work
rolls ll, partially solidified phase lm (thixoforming) and solid
phase ls (see Fig. 1).

The total distance between the nozzle entry and the nar-
rowest point between the work rolls is called a setback [14].
The strip forming force (F) is the sum of all forces that are
needed for merging the solidified strip shells and forming the
solid phase [6, 15]. The TRC strip formation process and the
resulting thickness profile are described in detail in [6] and
[9]. Depending on the TRC conditions segregations may
occur during TRC strip forming and the related thickness
profile formation [9]. Micro- and macrosegregations can be
distinguished. Microsegregations arise between secondary
dendrite arms, whereas macrosegregations are formed in the
center of the joint shells, i.e. center segregations. They occur
depending on the nozzle position, but commonly in the
center of the strip and indicate a potential defective position
of the casting nozzle. Figure 2 depicts the microstructure
before and after homogenization treatment along cast strip
thickness.

Another type of macrosegregations are inverse segrega-
tions (see Fig. 3). They are caused by the disturbances of the
laminar melt flow emitted from the nozzle. They spread out
linearly along the cast/TRC direction (see Fig. 1). Inverse
segregations can negatively influence the forming behavior
of the TRC strip. They are characterized by the enrichment
of aluminum and can pass up to the surface of the TRC
strip. In this case, aluminum reacts during the heat treatment
with the oxygen of the furnace atmosphere. Thus, it leads to
the material discontinuity, which is characterized by the

Fig. 1 Twin-Roll casting process according to [12, 13]

Fig. 2 Twin-Roll-Cast strip
before (a) and after homogenizing
treatment (b) [16]
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notch effect during the deformation. As a result, the me-
chanical properties of the TRC strip are adversely affected in
transverse direction to the casting/rolling direction.

Both types of macrosegregations can be qualitatively
evaluated by metallographic analysis. The first type of
macrosegregation is determined, as standard, by metallo-
graphic specimens taken along the casting direction and
regularly from the same location of the TRC strip [19].

Within this investigation, the influence of macrosegre-
gations on mechanical properties in transverse direction is
analyzed. Moreover, the relationship between thickness
profile and mechanical properties in transverse direction is
examined by means of the expanded structural equation
model of [6, 9].

Based on theory and previous research [6, 9] the fol-
lowing hypotheses can be derived:

• Hypothesis 1–3: Width, length of contact arc and
deformation resistance have a positive interrelationship
with strip forming force [6]

• Hypothesis 4: Strip forming force has a positive impact
on the thickness profile [6]

• Hypothesis 5: Length of contact arc influences segre-
gations positively [9]

• Hypothesis 6: Deformation resistance is negatively
related to segregations [9]

• Hypothesis 7: Thickness profile in transverse direction
has a negative impact on segregations [9]

• Hypothesis 8: Thickness profile is positively related to
mechanical properties

• Hypothesis 9: Segregations have a negative impact on
mechanical properties

Fig. 3 Heat-treated TRC strip with inverse segregations (a) [17], microstructure including inverse segregations (b) [18]

Fig. 4 Structural equation model for the assessment of the interrelationships of the TRC process parameters and the mechanical properties in
transverse direction of heated AZ31 TRC strips
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The corresponding structural equation model is shown in
Fig. 4 and consists of the structural model and the mea-
surement model. The structural model illustrates the pre-
sumed hypotheses between unobservable and not
measurable variables, also called latent variables (y1 to y7),
whereas the measurement model operationalises the latent
variables with the help of indicators (x11 to x71).

Data

The Institute of Metal Forming at the TU Bergakademie
Freiberg provided 43 coils from 13 casting campaigns of
magnesium alloy AZ31 and an overall strip length of 500 m.
For the calculation of the structural equation model, 30 coils
were used. These were strips whose thickness profiles could
be evaluated in terms of camber [20] and wedge shape [21].
The strip thickness which varies slightly between 5.2 and
5.4 mm, was not considered in the following investigation.
The strip width of the coils, which were produced under
stationary conditions, differed between 600 and 750 mm.
Furthermore, the mechanical properties of the TRC strips
after heat treatment at temperatures above 400 °C were
obtained by tensile tests. The used tensile test samples were
taken from the TRC strip in longitudinal and transverse
direction to the casting direction. In transverse direction, the
samples were taken interleaved across the overall strip
width. The obtained mechanical properties were yield
strength (Rp0.2), tensile strength (Rm) and elongation (A80).

Based on previous research, the provided data of the pilot
plant and the experimental design, the indicators of the latent
variables were defined as

(1) Width: The width of the TRC strip is used for the spread
of the material in the roll gap [6].

(2) Length of contact arc: The thickness of the TRC strip,
pressure ofmelt (level), temperature ofmelt, casting speed
[6] and setback determine the length of contact arc. As the
strip thickness is almost constant, it will be neglected in
further considerations. Therefore, the level, temperature
of melt, casting speed and setback are used as indicators.

(3) Deformation resistance: The deformation resistance is
defined by the temperature of melt, casting speed and
thickness [6]. As setback varies in the current data set in
comparison to [6, 9], the dwell time of the melt in the
rolling gap, i.e. setback/casting speed, needs to be con-
sidered. Due to the constancy of the strip width, it will
be neglected in further considerations.

(4) Strip forming force: The strip forming force is the sum
of all forces in the roll gap [6].

(5) Thickness profile: It is characterized by the camber and
wedge shape [6].

(6) Segregations: The area of segregations was measured by
metallographic specimens along the rolling direction of
the respective strip according to [19].

(7) Mechanical properties: The average mean of the yield
strength (Rp0.2), tensile strength (Rm) and elongation
(A80) of all samples taken from the respective TRC strip
(5–7 specimens), were used to evaluate the mechanical
properties. Because of collinearity between Rm and A80,
only A80 and Rp0.2 are considered further on. In contrast
to the longitudinal direction, the mechanical properties
in transverse direction, which were evaluated, vary
widely.

Model Estimation and Evaluation

The structural equation model was estimated by the
PLS-SEM approach [22, 23] using the software SmartPLS
3.2.6 [24]. The prediction-oriented PLS-SEM approach is a
statistical method based on a series of ordinary least squares
regressions fitting networks of latent variables to empirical
data. In the following section, the PLS results concerning the
measurement model and the structural model are evaluated
and reported according to the procedures and criteria of [8].

Formative Measurement Model Assessment

Table 1 depicts the estimation results of the formative
measurement model. The variance inflation factor
(VIF) values, which are considered to check the indicators
for critical collinearity, are uniformly below the recom-
mended threshold of 5 [25]. The outer weights give infor-
mation on the contribution of the indicators and their
relevance for their respective latent variable [8]. To check
their significance the bias-corrected and accelerated boot-
strapping procedure was carried out with 5000 samples and
the individual sign change option. The results in Table 1
illustrate that all outer weights are significant. The casting
speed (0.885) has the biggest impact on the formation of the
length of contact arc (lm + ls), followed by the level (0.460).
The higher the casting speed as well as the bigger the level
is, the bigger the length of contact arc is. The temperature of
melt (0.258) and the setback (0.199) have a lower impact on
the length of contact arc. The deformation resistance is
mainly determined by the dwell time (i.e. setback/casting
speed) in the roll gap (0.969). The higher the dwell time, the
more time for solidification and cooling of the solid phase is
available and the higher the deformation resistance is. The
indicators of the thickness profile show outcomes of the
improvement process based on the research results of [6].
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The included thickness profiles mainly consist of symmetric
thickness profiles with a camber (0.964).

Structural Model Assessment

An important criterion for evaluating the structural model is
the amount of explained variance of the latent variable
illustrated for the respective latent variables of the model in
Table 2 (i.e. their R2-value). In case of the strip forming
force, the coefficient of determination has a value of 0.975
and can be classified as substantial. Based on the improved
production conditions and the optimized thickness profile,
the thickness profile has only an R2-value of 0.286, which is
caused by the low data variation. Concerning macrosegre-
gations, the R2-value is relative high (0.559). This value can
be considered very well because the determined segregations
are allocated locally in a sample. Thus, they can only be
regarded as an indicator of a possible impact of dissolved
precipitations for the entire TRC strip. The R2-value of the
mechanical properties after annealing is 0.314. This is bound
up with the fact that the macrosegregations, which consist
mainly of gamma phase, are largely dissolved during
heating.

All path relationships of the structural model are sig-
nificant with the exception of “segregations ! mechanical
properties”, which were explained above. In contrast to
hypothesis 1 a negative interrelationship exists between
width and strip forming force (−0.898) in the present data
set. It depends on the variation of the process conditions
and especially on the selection of the setback and casting
speed. Moreover, it clarifies the interaction of the process

parameters. According to hypotheses 2 and 3, the defor-
mation resistance (0.244) and the length of contact arc
(0.146) are positively related to the strip forming force. The
value of the path coefficient between the strip forming
force and the thickness profile is 0.535. Furthermore, it can
be concluded with a path coefficient of 0.510 that the
bigger the length of contact arc is, the more segregations
are formed. The deformation resistance has, in contrast to
[9], a positive relation to segregations (0.646). This will be
clarified in subsequent investigations in the near future.
Despite local capturing of segregations, the thickness pro-
file has a negative relationship (−0.730) with the segrega-
tions. The more asymmetric the thickness profile is, the
higher the segregation proportion is. The thickness profile
is not only indicator for the segregation formation, but also
for the mechanical properties of the TRC strip after
annealing. The better the thickness profile (symmetric) is,
the better the mechanical properties are. This is related to
the formation of the inverse segregations. Detailed expla-
nations of the appeared phenomenon will follow in a future
analysis.

The calculation of the bias-corrected and accelerated
(BCa) confidence interval (see Table 2) reflects the partly
heterogeneous data structure, which can be expected of
research with the aim to capture different impacts.

The relevance of the path coefficient is substantiated by
the f2 effect size values.

In addition, the blindfolding procedure [26] was carried
out to assess the predictive relevance of the model by the
Stone-Geissers criterion (Q2) [27, 28]. At an omission dis-
tance of seven, all values are well above zero. In accordance
with the evaluation, a valid model was developed.

Table 1 Evaluation of formative measurement model

Latent variablea Indicator Outer weight VIF 90% bias-corrected bootstrap
confidence intervalb

Significant?

Length of contact arc Temperature of melt 0.258 1.243 [0.003, 0.375] Yes

Casting speed 0.885 2.715 [0.919, 1.170] Yes

Level 0.460 1.149 [0.252, 0.767] Yes

Setback 0.199 3.249 [0.010, 0.343] Yes

Deformation resistance Temperature of melt −0.305 1.003 [−0.443, −0.031] Yes

Setback/casting speed 0.969 1.003 [0.876, 1.034] Yes

Thickness profile Wedge shape −0.325 1.003 [−0.572, −0.072] Yes

Camber 0.964 1.003 [0.811, 1.026] Yes

Mechanical properties A80 0.546 1.148 [0.399, 0.876] Yes

Rp0,2 0.664 1.148 [0.465, 0.841] Yes
aSingle-item constructs (width, strip forming force, segregations) are excluded in this table (i.e. their outer relationship is 1.0)
bNote Bias-accelerated and corrected bootstrapping (BCa) procedure; 5000 bootstrapping subsamples; individual sign change option
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Conclusion

The Twin-Roll casting process for the magnesium TRC strip
production was introduced. Achievable mechanical proper-
ties in transverse direction to the casting/rolling direction of
annealed AZ31 magnesium alloy TRC strips and their
impact factors were investigated, which have an influence on
the property level. Impacts of process conditions were
evaluated by the approximation of the structural equation
model using the PLS-SEM approach.

Based on the analysis, most important influencing factors
were identified. The main factor affecting the thickness
profile formation is the strip forming force with respect to
the special process conditions. The deformation resistance
and the length of contact arc, as well as their influencing
process parameters determine the strip forming force. In case
of the current data set, the impact of the strip width must be
regarded separately. It is an evidence of the interactions
between the process parameters themselves.

Major finding of the empirical examination is the iden-
tified relationship between the thickness profile and the
mechanical properties. The better the thickness profile (more
symmetric) is, the better the mechanical properties are and

especially the higher the elongation (A80) transverse to
rolling/casting direction are.

The PLS method has proved in research studies with
partly restricted variable data sets and various process
parameters. In conclusion, it has provided a qualitative
relationship between the strip thickness and the mechanical
properties. Based on these results clues could be derived
in respect of further required data, which should be
additionally captured to reveal some vague relationships.
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The Morphology and Distribution of Al8Mn5
in High Pressure Die Cast AM50 and AZ91

G. Zeng, X. Zhu, S. Ji, and C. M. Gourlay

Abstract
The morphology and distribution of Al8Mn5 is studied in
AM50 and AZ91 produced by hot and cold chamber high
pressure die casting (HPDC). It is found that, in HPDC,
primary Al8Mn5 particles take a wide range of morpholo-
gies within the same casting spanning from faceted
polyhedra to weakly-faceted dendrites. These different
morphologies exist across the whole cross-section with-
out any clear trend in morphology versus radial position.
A comparison with Al8Mn5 in samples solidified at low
cooling rate suggests that the larger polyhedral particles
are externally solidified crystals (ESCs) that nucleate and
grow in the shot chamber analogous to aMg ESCs, and
that the dendritic Al8Mn5 nucleated and grew at high
cooling rate in the die cavity.

Keywords
HPDC � Externally solidified crystals � Porosity
Al8Mn5

Introduction

In recent years there has been a drive to use high pressure die
casting (HPDC) for structural and crash-worthy automotive
applications which has required improved HPDC quality
through optimised melt handling, die design, process
parameters and vacuum systems [1–3].

HPDC Mg components typically contain externally solid-
ified aMg crystals (ESCs) which nucleate and grow in the shot
chamber before being injected into the die cavity [4–6]. The
volume fraction of aMg ESCs is commonly 10–30 vol.% and
depends on the melt superheat and shot chamber characteris-
tics including the fill fraction and the temperature of the sleeve
walls and plunger tip [7, 8]. aMgESCs are typically*100 µm
and are significantly larger than the in-cavity solidified aMg
grain size of *5–30 µm, leading to a bimodal grain size dis-
tribution [9]. The presence of largeraMgESCs has been linked
to a decrease in the mean elongation to fracture [10] and to an
increased variability in ductility [11].

Most Mg–Al-based alloys contain a small Mn addition to
ameliorate against the negative effects of Fe on corrosion
resistance [12, 13]. Generally, AM, AZ, AS, and AE series
alloys contain sufficient Al and Mn that Al8Mn5 is a primary
phase (i.e. Al8Mn5 forms before aMg during solidification)
as shown in Fig. 1 [14] for the alloys used in this work
(Table 1). A consequence of this in HPDC is that Al8Mn5
can form and settle in the holding pot/crucible (enhanced by
Fe pick-up from the pot/crucible), leading to die casting
sludge [15]. Furthermore, since Al8Mn5 forms at higher
temperature than aMg, it might be expected that Al8Mn5
begins to form in the shot chamber along with the externally
solidified aMg crystals, and that the ESCs injected into the
cavity are a mixture of Al8Mn5 and aMg.

This work was conducted to explore whether Al8Mn5
crystals form in the shot chamber and are injected into the
cavity, and to understand how they are distributed in the final
casting. Furthermore, this behaviour is compared in hot and
cold chamber HPDC where the thermal conditions in the shot
chamber/gooseneck are different and, therefore, the forma-
tion of ESCs is likely to be different.

Methods

Mg alloys AM50 and AZ91 with compositions in Table 1
were used in this work. The AM50 steering wheel in Fig. 2a
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was produced industrially via the hot chamber HPDC pro-
cess from the same die as in Ref. [16]. The AZ91 tensile bar
castings were produced by cold chamber HPDC on a 5 MN
locking force Frech DAK 450-54. The multicavity die
shown in Fig. 2b was preheated to 150 °C. Liquid alloy at
675 °C (*75 °C superheat) was ladled into a preheated shot
chamber. The plunger velocity was set to 0.3 ms−1 for the
first phase and 4 ms−1 for the filling stage, and the intensi-
fication pressure was 36 MPa.

Samples for microstructural analysis were cut from the
positions marked on Fig. 1 into slices of 10 mm � 10
mm � 0.5 mm. Metallographic polishing was carried out
down to 0.05 µm colloidal silica by standard preparation
methods. Samples were etched in a solution of 200 ml
ethylene glycol, 68 ml distilled water, 4 ml nitric acid and
80 ml acetic acid. A Zeiss AURIGA field emission gun
SEM (FEG-SEM) with an Oxford Instruments INCA
x-sight energy dispersive X-ray spectroscopy (EDX) de-
tector and a BRUKER e-FlashHR electron backscatter
diffraction (EBSD) detector were used. Bruker ESPRIT
2.1 software was used to analyse the obtained EBSD
patterns.

Results and Discussion

Al8Mn5 particles were identified by combining EDX with
EBSD. A typical example is shown in Fig. 3 for the poly-
hedral particle marked with a cross in Fig. 3a. The EDX
spectrum in Fig. 3b contains no Mg peaks, indicating that
the interaction volume did not contain any aMg matrix, and
the composition 60.9Al–38.5Mn–0.6Fe (at.%) is consistent
with Al8(Mn,Fe)5. Figure 3c shows an EBSD pattern col-
lected from the same particle. The next image in Fig. 3c
shows the pattern indexed as rhombohedral Al8Mn5 [17]
(with Strukturbericht designation D810) using the standard
Hough transform method in BRUKER ESPRIT 2.2. To
further confirm the phase, dynamical simulations were
conducted in BRUKER DynamicS as shown in the
right-most image of Fig. 3c. It can be seen that there is good
agreement in the band positions and band intensities
between the experimental and dynamically simulated pat-
terns. Thus, the particle is identified as Al8Mn5 with D810
structure by EDX and EBSD.

Typical microstructures from the AM50 steering wheel
are shown in Fig. 4 where the classical HPDC

Fig. 1 Scheil and equilibrium
solidification paths of AM50 (a,
c) and AZ91 (b, d) calculated
with the Thermo-Calc TCMG4
database [14]. The top row shows
the whole solidification path. The
bottom row is a zoom-in on the
beginning of solidification up to
15% solid fraction
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Table 1 AM50 and AZ91 alloy compositions

Mg Al Zn Mn Si Fe Cu Ni ppm Be

AZ91E Bal. 8.95 0.72 0.19 0.039 <0.001 0.001 <0.001 0.007

AM50 Bal. 4.79 0.007 0.23 0.011 <0.001 <0.002 0.001 \

Fig. 2 Photographs of the two castings. The position of the sectioning planes is indicated by the superimposed lines

Fig. 3 Phase analysis on Al–Mn particles by EDS and EBSD
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microstructural features are evident: The polished section in
Fig. 4a, c contains two pore bands following the contour of
the casting, similar to those discussed in past work [18, 19].
After etching, Fig. 4b, d show aMg ESCs as well as the pore
bands which appear as dark bands. The area fraction of aMg
ESCs in this sample is *5%, which is a low value for
Mg HPDC. Higher magnification imaging of the pore bands
in Fig. 4f shows that they contain a higher fraction of
Mg17Al12 (i.e. more eutectic) than the surrounding regions,
similar to past work [6]. In most regions of the casting, the
Al8Mn5 appear as small particles that can be easily identified
in backscattered electron (BSE) mode due to the much
higher atomic-number of Mn compared with Mg and Al. For
example, in Fig. 4e, the numerous bright particles are
Al8Mn5 and the lighter grey particles are Mg17Al12.

Al8Mn5 particles in the AM50 steering wheel are exam-
ined in more detail in Fig. 5. In low magnification BSE

images (e.g. Fig. 5a) Al8Mn5 particles can be seen that have
much larger size than the small Al8Mn5 particles present at
higher magnification (e.g. in Fig. 4e). In Fig. 5a, these larger
Al8Mn5 particles are indicated with arrows. Figure 5b
examines a large Al8Mn5 particle at higher magnification.
The Al8Mn5 particle is *20 µm long and has a faceted
morphology. Adjacent, is a smaller particle (*2 µm across)
with a similar composition that has a dendritic morphology
and is, therefore, also expected to be primary Al8Mn5. It is
likely that the smaller Al8Mn5 with dendritic morphology
formed at significantly higher cooling rate than the large
particle. To compare the two sizes of Al8Mn5 particle with
the bimodal distribution of aMg grains, Fig. 5c shows that
the aMg ESCs are an order or magnitude larger than the
in-cavity solidified aMg grains. Based on the significantly
different sizes of primary Al8Mn5 in Fig. 5b and the pres-
ence of aMg ESCs, it seems that the large Al8Mn5 particles

Fig. 4 Macro- and
microstructures of AM50 steering
wheel. a and c as-polished sample
optical micrograph showing the
distribution of porosity. The bulk
flow direction during HPDC was
into the page(X). b and
d etched-sample micrograph
revealing the ESCs of a-Mg
(white grains) and defects bands
of macrosegregation. e BSE and
f optical images of defect bands
showing concentrated porosity
and also fine eutectic Mg17Al12
network
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in Fig. 5a, b are Al8Mn5 ESCs that nucleated and grew in the
shot chamber or goose neck at low cooling rate before being
injected into the die cavity, whereas the smaller primary
Al8Mn5 nucleated and grew dendritically at higher cooling
rate. This interpretation will be further supported at the end
of this paper when the size of large Al8Mn5 particles are
shown to be similar to primary Al8Mn5 formed at low
cooling rate.

The distribution of large Al8Mn5 particles across the
cross-section (i.e. vertically across Fig. 4b) is quantified in

Fig. 5d and a similar quantification is shown for aMg ESCs
in Fig. 5e. It can be seen that there are more aMg ESCs near
the centre and fewer near the edge of the cross-section
similar to past work [5], while the large Al8Mn5 particles are
distributed more uniformly across the cross-section. How-
ever, the total number of Al8Mn5 ESCs is low and the dis-
tribution in Fig. 5d should be treated with caution.

Typical microstructures from the AZ91 tensile bars are
shown in Fig. 6. Similar to the steering wheel, there is a pore
band following the contour of the casting (Fig. 6a).

Fig. 5 Distribution of ESCs of
Al8Mn5 and a-Mg a BSE image
at low magnification. b ESCs of
Al8Mn5 and Al8Mn5 solidified in
die cavity. Note the size different
of two type of Al8Mn5 c ESCs of
a-Mg (white grains). e
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However, a significant difference is the much higher fraction
of aMg ESCs in the cold chamber HPDC AZ91 tensile bars,
estimated to be >30 vol.%. This can be seen in Fig. 6b, d
where aMg ESCs exist across most of the cross-section,
either as large dendrites (Fig. 7b), coarsened flakes (Fig. 7b)
or as ESC fragments (Fig. 6d and 7b). Examining Fig. 6d, it
can be seen that ESC fragments exist all the way to the
casting edge. Fragmented and partially-globularised ESCs in
cold chamber HPDC have been linked to the high shear rate
during the filling stage in past work [20]. The high aMg ESC

fraction and mixture of full ESC dendrites, ESC fragments
and in-cavity solidified grains leads to a complex
microstructure throughout the cross-section; for example, in
Fig. 6c, many *50 µm ESC aMg fragments can be seen
surrounded by the smaller in-cavity solidified aMg grains.

Similarly, the AZ91 tensile bars contained a wide range
of Al8Mn5 morphologies. A representative range is shown in
Fig. 6e–h: Fig. 6e has a faceted polyhedral morphology,
Fig. 6f–g have complex branched morphologies with weaker
faceting, and Fig. 6h are complex flakes. While the Al8Mn5

Fig. 6 Transverse view of
HPDC AZ91 tensile bar sample.
a macrostructure showing defect
bands. b Etched microstructure
and d BSE image shows
macro-segregation and the ECSs
of a-Mg grains. c BSE image at
higher magnification shows
pores, Al8Mn5 ECSs and eutectic
Mg17Al12
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in Fig. 6h probably formed during a eutectic reaction, the
faceted polyhedral particle in Fig. 6(a) and branched crystals
in Fig. 6f–g are significantly larger than the surrounding
eutectic intermetallics and are likely to be primary Al8Mn5.
Some of the polyhedral Al8Mn5 particles were significantly
larger than surrounding primary Al8Mn5 and are likely to be
Al8Mn5 ESCs. Examples are given in Fig. 6c and Fig. 7a of
polyhedral Al8Mn5 particles >5 µm in diameter.

To further confirm that the larger polygonal Al8Mn5 are
ESCs (i.e. formed in the gooseneck or shot sleeve/chamber
before being injected into the cavity), Fig. 8 compares the
large Al8Mn5 from HPDC with Al8Mn5 in AZ91 solidified at
low cooling rate. Figure 8a are Al8Mn5 from the original
AZ91 ingot (i.e. prior to melting and HPDC) and Fig. 8c are
Al8Mn5 from AZ91 cooled at 1 K/s from the work in
Ref [21]. In both slow-cooled cases the primary Al8Mn5
have an equiaxed-polyhedral faceted morphology and a
narrow size range [21] of *5–15 µm. In Fig. 8b, d it can be
seen that the large Al8Mn5 from the HPDC samples have a

similar morphology and a similar size to those formed at low
cooling rate in the laboratory. This, combined with the
presence of a wide range of primary Al8Mn5 particles in
HPDC including Al8Mn5 dendrites, shows that the larger
polyhedral Al8Mn5 formed at lower cooling rate.

The observation of both aMg and Al8Mn5 ESCs in AM50
and AZ91 high pressure die castings is consistent with the
solidification paths predicted by Thermo-Calc with the
TCMG4 database in Fig. 1, where B2–Al(Mn,Fe) and D810–
Al8Mn5 are expected to form before aMg in the solidifica-
tion sequence. Combining the microstructural observations
and thermodynamic calculations, it can be concluded that the
largest polyhedral Al8Mn5 particles originally form in the
shot chamber and are injected into the die cavity as a mixture
of Al8Mn5, aMg and liquid.

The size of the largest Al8Mn5 particles in the casting is
expected to be determined by the same factors that govern
the size and volume fraction of aMg ESCs (melt superheat,
fill fraction, thermal profile in the shot chamber, dwell time

Fig. 7 ESCs of a Al8Mn5 and
b a-Mg grains surrounded by
eutectic Mg17Al12/a-Mg

Fig. 8 Faceted Al8Mn5 crystals
in a AZ91 ingot, b HPDC AZ91,
c AZ91 solidified at 1 K/s and
d AM50 steering wheel by HPDC

The Morphology and Distribution of Al8Mn5 in High Pressure … 143



etc. [5]). Furthermore, since most commercial Mg–Al alloys
(AM, AZ, AE, AJ etc.) contain sufficient Al and Mn for
Al8Mn5 to be a primary phase, it is likely that Al8Mn5 ESCs
will also form in the HPDC of these alloys. Al8Mn5 ESCs
seem to be an integral part of the HPDC process of Mg–
Al-based alloys and result in a small population of 5–20 µm
equiaxed-faceted Al8Mn5 crystals that are significantly lar-
ger than the in-cavity solidified Al8Mn5. However, Al–Mn
particles form a very low volume fraction (*0.6 vol.% [14])
and are rarely larger than 20 µm even at low cooling rate.

Conclusions

Al8Mn5 particles have been studied in a hot chamber HPDC
AM50 steering wheel and a cold-chamber HPDC AZ91
tensile bar casting. In both castings, polyhedral Al8Mn5
particles have been found to exist in the castings that have a
similar morphology and size as primary Al8Mn5 formed in
AZ91 at low cooling rate (*1 K s−1). These polyhedral
Al8Mn5 particles are significantly larger than the branched
primary Al8Mn5 in the same HPDC cross-sections. It is
concluded that the large polyhedral Al8Mn5 particles
nucleated and grew in the shot chamber along with the aMg
externally solidified crystals (ESCs) and were injected into
the die cavity as a mixture of Al8Mn5, aMg and liquid. This
interpretation is supported by thermodynamic calculations
with the Thermo-Calc TCMG4 database which predicts that
primary Al8Mn5 should begin to form at higher temperature
than aMg and, therefore, that a mixture of primary Al8Mn5
and aMg externally solidified crystals (ESCs) should exist
in the shot sleeve when pre-solidification occurs. Partial
solidification in the shot chamber followed by in-cavity
solidification at higher cooling rate leads to a wide range of
primary Al8Mn5 morphologies in the same cross section,
spanning from large (� 20 µm) polyhedral particles to sig-
nificantly smaller branched primary crystals.
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Study on the Production of Metallic
Magnesium from Nickel-Containing
Serpentine

Huimin Lu and Guangzhi Wu

Abstract
About 1.4 billion tons of nickel-containing serpentine are
stored in the territory of Tuquan County, China’s Inner
Mongolia Autonomous Region. In this paper, serpentine as
raw material, silicon aluminum alloy as a reducing agent,
the use of the corresponding additives and catalyst, the first
were mixed and then dry pressed into the ball and placed in
the furnace under the appropriate vacuum to heat the balls,
the magnesium steam was collected to get crystalline
magnesium, and the mixed residue crushed, the nickel-iron
alloy was separated from the tailings by magnetic sepa-
ration. The tailings were used in the manufacture of
cement. The process has no CO2 emissions, low-carbon
environmental clean production, and the laboratory using a
new type of continuous production of heating equipment
for the reduction reaction to get magnesium steam, can
achieve continuous production, expand production scale
and improve production efficiency.

Keywords
Aluminum-silicon thermal reduction � Magnesium
Aluminum-silicon alloy � Nickel-containing serpentine
Nickel-iron alloy

Introduction

Magnesium is the lightest metal of the commonly used
metals and can be applied widely. For example, there are
metallurgical applications, chemical applications, structural

applications, and automobile parts production [1, 2]. In 2016
the global production of magnesium reached 900 thousand
tons. The production of magnesium is based on Pidgeon
process and electrolytic process, and more than 90% pro-
duction of magnesium was produced by Pidgeon process
from China, and all magnesium producers use dolomite as
magnesium reduction feedstock.

Magnesium production in the world is currently domi-
nated by the Pidgeon process which uses silicon, in the form
of ferrosilicon, to reduce magnesia from calcined dolomite
under vacuum. The overall reaction of the process can be
written as follows [3]:

2MgO sð Þþ 2CaO sð Þþ xFeð ÞSi sð Þ
¼ 2Mg gð ÞþCa2SiO4 sð Þþ xFe sð Þ ð1Þ

The reaction is performed in batch mode within steel
retorts that operate around 1200 °C and a vacuum of 10–
20 Pa to produce approximately 20 kg of Mg over an eight
to ten hour period. The process suffers from high energy
usage and low productivity.

In Tuquan County, Inner Mongolia, China, magnesium
resources are not the traditional dolomite but serpentine,
huge reserves (about 1.4 billion tons), extraction of mag-
nesium with the type of serpentine ore, there is no precedent
all over the world, it is a great challenge. Therefore, that the
study of extraction technology of metal magnesium from
serpentine ore (magnesium silicate type) and the develop-
ment of new type of vertical vacuum semi-continuous
magnesium reduction equipment, to replace the traditional
the Pidgeon process, it is of great significance.

In this paper, serpentine as raw material, silicon alu-
minum alloy as a reducing agent, the use of the corre-
sponding additives and catalyst, the first were mixed and
then dry pressed into the ball and placed in the furnace under
the appropriate vacuum to heat the balls, the magnesium
steam was collected to get crystalline magnesium, and the
mixed residue crushed, the nickel-iron alloy was separated
from the tailings by magnetic separation. The tailings were
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used in the manufacture of cement. The process has no CO2

emissions, low-carbon environmental clean production, and
the laboratory using a new type of continuous production of
heating equipment for the reduction reaction to get magne-
sium steam, can achieve continuous production, expand
production scale and improve production efficiency.

Serpentine Ore Process Mineralogy
and Reduction Principle

The Structure and Characteristics
of Serpentine Ore

Through the microscopic observation of serpentine lithofa-
cies, the structure type of serpentine is mainly composed of
scaly crystal structure and fiber crystal structure.

(1) Scale crystal structure: most of the serpentine crystals
under the polarizing microscope are tabular and arran-
ged in a directional orientation (Fig. 1a).

(2) Fiber crystal structure: visible fibrous serpentine crystal
almost aligned or arranged in a row (Fig. 1b).

(3) Substituted structure: visible hematite along the mag-
netite octahedron cleft, or fissure account, hematite

formation was significantly later than magnetite. See
also serpentine exchange olivine.

(4) Substituted residual structure: visible serpentine
exchange olivine, olivine was account for the remnants.

(5) Self-shaped and semi-self-shaped grain structure: chro-
mite, magnetite often from the self shaped and semi-self-
shaped particles distributed in the serpentine granules.

Mineral Composition of Serpentine Ore

The results show that the mineral species in the serpentine
sample is relatively simple, and the main ore minerals are
serpentine. Also found are olivine, hematite, magnetite,
chromite, chrome spinel and nickel pyrite. From the struc-
ture of the rock and the composition of the mineral can be
seen, the original rock should be super-basic rock
(peridotite).

Identification of Rock and Mineral Facies

In the microscopic observation of the serpentine sample,
there are many hematite veins inserted in the broken mag-
netite, in which the main metal minerals are magnetite and

Fig. 2 Micrograph of minerals
in serpentine ore. a fragmented
magnetite interspersed with a
number of hematite vein;
b serpentine was intertwined
structure distributed in the rock
Hem-hematite; Mt-magnetite;
Atg-serpentine

Fig. 1 The main structure of the
serpentine type under the
microscope. a serpentine in the
rock mass; b serpentine
intertwined with fiber crystal
structure; Atg-serpentine
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hematite (Fig. 2a), chromite, nickel pyrite (Fig. 3c, d) and a
small amount of chalcopyrite, non-metallic minerals mainly
serpentine, olivine (Fig. 3a, b), serpentine in the mirror
fibrous, interlaced structure distribution (Fig. 2b), or meta-
somatic olivine.

The Nature of Serpentine Ore

The main mineralogical characteristics of the ore by min-
eralization, SEM /EDS and XRD analysis of serpentine ore
are as follows:

(1) Serpentine is the main ore minerals in the serpentine ore,
and with a small amount of olivine and chrome spinel,
metal minerals, including magnetite, hematite, chromite,
nickel pyrite and chalcopyrite. Serpentine ore is fiber
crystal, granular crystal, fiber interwoven structure,
substituted structure and substituted residual structure,
block structure.

(2) Serpentine fiber length is generally in the tens and
hundreds of microns, fiber length changes in a large
number of individual mm.

Reduction Principle

Magnesium production in the laboratory is carried on which
uses aluminum-silicon alloy as reduction agent, to reduce
magnesium silicate from serpentine under vacuum. In Al–Si
alloy reduction process of magnesium, due to the presence of
calcium oxide, resulting in a more stable 12CaO � 7Al2O3,
making the theoretical minimum temperature of the reaction
reduced by 249.2 °C, showing the presence of calcium oxide
makes the reaction easier. The overall reaction of the process
can be written as follows:

54CaO sð Þþ14 2MgO � SiO2 sð Þ½ �þ7 MgO � SiO2 sð Þ½ �
þ14Al sð Þþ7Si¼ 12CaO � 7Al2O3 sð Þ
þ14 2CaO � SiO2 sð Þ½ �þ35 Mg½ � gð Þþ14 CaO sð Þ � SiO2 sð Þ½ �

ð2Þ

Experimental Procedure

Laboratory experiments for producing magnesium were
conducted in a 120 kW serpentine continuous reduction of
magnesium test furnace, as pictured in Fig. 4. Process

Fig. 3 Microscope photographs
of mineral minerals in serpentine.
a serpentine and metasomatous
residual olivine; b debris structure
olivine and serpentine formed
along the edge; c, d magnetite and
nickel pyrite in algal-alteration;
Ol-olivine; Mt-magnetite;
Atg-serpentine; Pn-nickel pyrite

Study on the Production of Metallic Magnesium … 147



conditions were as follows: the reaction was performed in
semi-continuous feeding charge 30 kg each within magne-
sium test furnace that operate around 1200 °C and a vacuum
of 10–20 Pa over an two to four hour period.

Raw Materials

Serpentine. Serpentine ore powder was taken from Inner
Mongolia Xintai Construction and Installation Group Co., Ltd,

the size was smaller than 0.5 mm. The main minerals in the
serpentine ore are 96 mass% serpentine, and with a small
amount of olivine, chrome spinel, and metal minerals includ-
ing magnetite, hematite, chromite, nickel pyrite and chal-
copyrite. The assay of the serpentine ore is shown in Table 1.

Test Methods

The raw materials for producing magnesium were mixed
uniformly in the given proportions in a stirring machine, dry
pressure briquetted into ovals with the major axis 40 mm
and the minor axis 20 mm. The average density of briquettes
was 1.62–1.66 g/cm3, the porosity was 44–47%. The bri-
quettes were charged into the 120 kW serpentine continuous
reduction of magnesium test furnace with temperature 1150–
1200 °C, vacuum of 10–20 Pa and time 2–4 h. The Mg was
discharged. The samples were analysed by XRD, SEM
analysis and chemical analysis.

Comprehensive Experiment for Producing
Magnesium

According to the condition test parameters, the comprehen-
sive experiment was carried out on a 120 kW new serpentine
semi-continuous magnesium reduction furnace. Each filling

Fig. 4 120 kW serpentine continuous reduction of magnesium test
furnace

Table 1 Analysis of serpentine
ore used in this work/mass%

MgO Al2O3 CaO Fe2O3 FeO SiO2 Na2O

35.54 0.64 3.36 5.23 1.47 37.17 0.0097

K2O Mn Ni Cr H2O P S

0.055 0.048 0.22 0.12 0.48 0.0022 0.0009

Fig. 5 Comprehensive
experimental raw materials and
products left upper: pellet; left
lower: crystalline magnesium;
right upper: nickel-iron alloy;
right lower: slag
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35.8 kg, of which dry serpentine 20 kg, lime 12 kg, Al–Si
alloy 3 kg, fluorite 0.8 kg, mixed even dry powder ball into
the furnace, keeping vacuum 10 Pa, temperature 1200 °C, to
maintain the reduction time 3 h. Comprehensive experi-
mental raw materials and products taken from the serpentine
semi-continuous magnesium reduction furnace were pic-
tured in Fig. 5. The recoveries of magnesium extracted from
serpentine by Al–Si alloy can reach 85%. The chemical
analysis results of the crude magnesium obtained in the test
is shown in Table 2. Visible, as crude magnesium, its quality
is very good. Further refined, high quality Mg products can
be obtained. The reduction slag can be used as a cement raw
material due to the transformation of calcium disilicate
crystal in form of expansion and self-crushing loose white
powder, the size smaller than 50 lm, the chemical analysis
results were as follows: 61.69 mass%CaO, 13.45 mass%
Fe2O3, 17.44 mass%SiO2, 4.39 mass%Al2O3, and
3.03 mass%MgO. The obtained residue was subjected to
magnetic separation to obtain a nickel iron block. The
chemical analysis results were as follows: 2.32mass%Ni,
97.68mass% Fe. Nickel iron recovery rate was about 85%.

Conclusions

1. The process of extracting magnesium by the
aluminum-silicon alloy heat-reducing from serpentine is
reasonable. The Al–Si alloy can extract the metallic
magnesium from the serpentine at 10–20 Pa of vacuum

and from 1100 to 1200 °C. In the process of magnesium
extraction, at the same time these nickel-iron alloy and
dicalcium silicate and aluminum silicate slag used as raw
materials for the preparation of cement can be obtained.

2. Laboratory scale of comprehensive experimental studies
has shown that magnesium metal extraction from ser-
pentine is feasible, and magnesium recovery rate reaches
80%. This is a cleaning process with no carbon dioxide
emissions.

3. Laboratory semi-continuous reduction furnace improves
magnesium production efficiency and reduces costs, it is
worth further study, and it has a bright future. Raw
materials for production of Al–Si alloy are obtained
easily, such as coal gangue, fly ash and so on.
Semi-continuous process with aluminum-silicon alloy
from the serpentine extraction of metal magnesium is
simple, clean production, and low cost.
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Fabrication of Mg(OH)2 by Electrolysis Using
MgCl2 Aqueous Solution

Xijuan Pan, Zhihe Dou, Ting-an Zhang, Yukun Ren, Guozhi Lyu,
Junjie Zhang, and Xiuxiu Han

Abstract
Mg(OH)2 is usually used as a flame retardant agent, a
heavy metal removing agent and a flue gas desulfurization
agent in the field of environmental protection. In this
work, Mg(OH)2 was prepared by electrolytic method
using MgCl2 aqueous solution as the main raw materials.
And the X-ray diffraction results proved that pure Mg
(OH)2 crystals can be fabricated by the electrolysis
method. The Mg(OH)2 prepared has two microscopic
forms, shaped in block and elongated fibrous. The effects
of concentration of MgCl2 solution, current density,
temperature and time of electrolysis on the current
efficiency and energy consumption in the electrolysis
process were studied in this paper. Within the experi-
mental range, current efficiency increased but energy
consumption decreased with the increase of MgCl2
solution concentration, electrolysis temperature and time.
The effects of current density on the current efficiency and
energy consumption rested on the concentration of the
MgCl2 solution and electrolysis temperature.

Keywords
Mg(OH)2 � MgCl2 aqueous solution � Electrolysis
Current efficiency � Energy consumption

Introduction

In recent years, Mg(OH)2 has attracted the attention of
many experts and scholars for its excellent properties. As a
chemical product and intermediate, Mg(OH)2 has excellent
properties such as flame resistance, smoke suppression and
fallibility. Therefore, Mg(OH)2 has been widely used in the
preparation of flame retardant, acidic wastewater treatment
agent, heavy metal removal agent, flue gas desulfurization
agent and other products [1–3]. There are many methods
for the production of Mg(OH)2, such as chemical precipi-
tation, hydrothermal, sol-gel, microemulsion, ammonia
bubble reaction, ultrasound assisted, microwave synthesis
and electrochemical methods, etc. Because the electro-
chemical method has many advantages, for instance, less
investment, high purity and easy to control crystal shape,
the electrochemical method is easier to produce on a large
scale [4–6].

The principle of preparing Mg(OH)2 by electrolysis is
similar to that of chlor alkali industry. MgCl2 solution is
used as raw material to carry out electrolysis of solution in a
cation membrane electrolyzer. The chloride ion loses elec-
trons into chlorine on the anode plate, and the water gets
electrons into hydrogen and hydroxide on the cathode plate.
Magnesium ions under the effect of direct current pass
through the cation exchange membrane, and then they are
combined with the hydroxyl in the cathode chamber,
becoming the production of Mg(OH)2. Because the solu-
bility product constant (Ksp) of Mg(OH)2 is very small,
which is 1.2 � 10−11, so it is easy to get the precipitate Mg
(OH)2 [6]. The electrode reactions and total reaction are as
follows [7]:
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The anode reaction:

2Cl� � 2e� ! Cl2 ð1Þ
The cathode reaction:

2H2Oþ 2e� ! 2OH� þH2 ð2Þ

Mg2þ þ 2OH� ¼ Mg OHð Þ2# ð3Þ

The total reaction: MgCl2 þ 2H2O �!electrify
Mg OHð Þ2

# þH2 " þCl2 " ð4Þ
In this work, the X-ray diffraction results proved that pure

Mg(OH)2 crystals can be fabricated by the electrolysis
method. And the effects of concentration of MgCl2 solution,
current density, temperature and time of electrolysis on the
current efficiency and energy consumption in the electrolysis
process were studied in this paper. The experimental results
provide the basic theory evidence for large-scale preparation
of Mg(OH)2 by electrochemical method, and lay the foun-
dation for further experimental and theoretical research.

Experimental

Materials and Mg(OH)2 Synthesis

The MgCl2 � 6H2O chemicals used in this experiment were
purchased from Tianjin Kermel Chemical Reagent Co., Ltd,
AR, the purity is 97%. The CO2 gas (99.95%) was bought
from Shenyang Industrial Gas Co., Ltd. Deionized water
disposed by ourselves was used in the preparation of all
aqueous solutions.

The cation membrane electrolytic cell used in this work
was made by ourselves, which is separated by a cation
exchange membrane into two electrode chambers, in the
right one fixed with a titanium anode plate coated of
ruthenium, indoor for titanium cathode plate in the left one.
The volumes 100 ml of different concentration of MgCl2
solution were added into the two chambers, with a current
density as a fixed value for experiments. When the elec-
trolytic time reached to a certain period of time, the exper-
iment would be stopped. After Mg(OH)2 in the cathode
liquid was filtered and washed, the dried particles is of high
purity Mg(OH)2 powders.

Characterization of Mg(OH)2 Particles

The X-ray diffract meter used in this work was D8
Advance X Bruker ray analyzer produced by German Bruker
Company. Light tube type was Cu target, ceramic X light

tube. k = 0.15406 nm, scan range was 10°–90°, the scan-
ning speed was 2 degrees/min. The micro morphology was
observed by a scanning electron microscope. All samples
were prepared for SEM examination by pasting on the
conductive adhesive. SEM images were collected on a
HITACHI SU8010 SEM at 3.0 kV.

Calculation of Current Efficiency and Energy
Consumption

In the electrolysis transformation process, the products are
often less than the theoretical amount. The causes of this
phenomenon include physical factors such as convection,
diffusion and carry-under and chemical factors such as side
reaction, decomposition, recombination, etc. In addition, the
reverse shift of the OH� will also lead to a reduction in the
current efficiency. At the same time, the chlorine produced
by the anode will be hydrolyzed to form HClO and ClO�,
and further react to ClO3�, which will result in the reduction
of the current efficiency. As a result, the amount of elec-
tricity used is less than the actual amount supplied. There-
fore, current efficiency is used to measure the utilization of
electricity [8, 9].

Since the target product in this work is the cathode
chamber product Mg(OH)2, the current efficiency is calcu-
lated at the final yield of Mg(OH)2. In other words, the
cathode current efficiency represents that of the electro
conversion reaction. The cathode current efficiency is the
ratio of the actual Mg(OH)2 mass produced by the elec-
trolysis to the theoretical mass. The solid content of the Mg
(OH)2 produced in the cathode chamber can be obtained by
weighing, and the theoretical quality can be calculated by the
law of Faraday electric transformation. The equation is as
follows [10–15]:

g ¼ nMg OHð Þ2
IDt
F

ð5Þ

where g is current efficiency (%), nMg OHð Þ2 is the actual Mg
(OH)2 amount of substance produced by the electrolysis
(mol), I is current (A), Dt is reaction time (s), F is the
Faraday constant (about 96,500 C/mol).

DC power consumption is an important test index. For the
reaction (4) of Mg(OH)2 by elecrolysis from MgCl2 aqueous
solution, 0.5 mol Mg(OH)2 can be produced per 1F of
electricity. Based on the calculation of 1 kg Mg(OH)2 con-
verted by electrolysis, the equation DC power consumption
is as follows [10–15]:

W ¼ 2UF
3600�MMg OHð Þ2 � g

ð6Þ

152 X. Pan et al.



where W is DC power consumption (kWh/kg), U is average
operating voltage (V), MMg OHð Þ2 is relative molecular mass
of Mg(OH)2, g is current efficiency (%).

Results and Discussion

X-Ray Diffraction of Mg(OH)2 Particles

As shown in Fig. 1, the XRD analysis results of Mg(OH)2
prepared under different conditions are presented. Figure 1a
is the contrastive XRD result of original MgCl2 concentra-
tion from 50 to 250 g/L. Figure 1b is the contrastive XRD
result of current density from 67 to 335 mA/cm2. Figure 1c
is the contrastive XRD result of react temperature from 25 to
65 °C. Figure 1d is the contrastive XRD result of react time
from 60 to 180 min. As can be seen from Fig. 1, the peak
height increases with the increase of the current density,
temperature and react time, but the concentration of MgCl2
has little influence on the peak height.

SEM Analysis of Mg(OH)2 Particles

Some typical SEM pictures of Mg(OH)2 particles prepared
by electrolysis are given in Fig. 2. Figure 2a is a typical bulk
structure and Fig. 2b, c have both a block structure and a

fibrous structure. As we can see from the top right corner
enlargement of Fig. 2b, c, the surface of the fiber structure is
similar to that of the block structure, and the surface is
rough.

Effect of Different Electrolysis Condition
for Current Efficiency and Energy
Consumption

Figure 3a is the current efficiency and the unit energy con-
sumption of electrolysis process when the concentration of
MgCl2 solution increased from 50 to 250 g/L. And the
Fig. 3b–d represent the changes of the current efficiency and
the unit energy consumption when current density, react
temperature and react time changed respectively.

As can be seen from Fig. 3a, the current efficiency
increased from 46.39 to 48.78% with the concentration of
MgCl2 solution from 50 to 250 g/L, and the slope of
<150 g/L section became larger, meaning the increasing
speed of current efficiency increased. The unit energy con-
sumption decreased with the increase of MgCl2 concentra-
tion, and decreased from 23.88 to 14.53 kWh/kg. This is
because the increasing concentration of MgCl2 aqueous
solution leaded to the number of ions in contact with the
electrode increasing, which accelerated the reaction and the
occurrence of Mg(OH)2 precipitation.
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Fig. 1 The X-ray diffraction of
Mg(OH)2 powders prepared
under different conditions
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Figure 3b presents that there is a turning point at
134 mA/cm2 with the current density increasing from 67 to
335 mA/cm2. Current efficiency quickly increased from
28.86 to 46.69% from the current density increasing from 67
to 134 mA/cm2and then maintain stable. Accordingly, the

unit energy consumption reduced from 17.07 to
15.89 kWh/kg, and then increased to 25.32 kWh/kg.

There is also a turning point at 45 °C as can be found
from Fig. 3c. With the react temperature increasing from 25
to 45 °C, current efficiency quickly increased from 41.57 to

Fig. 2 The typical SEM pictures
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51.21% and unit energy consumption maintained at about
25 kWh/kg. Then current efficiency decreased 25.06% and
unit energy consumption increased to 29.06 kWh/kg with
temperature increasing to 65 °C. This indicated that the ion
activity was higher and the membrane permeability was
better and the precipitation efficiency was higher at 45 °C.

Figure 3d shows that with the increase of the react time,
current efficiency increased from 25.92 to 88.93% and unit
energy consumption decreased from 37.70 to 10.05 kWh/kg.

Conclusions

In this work, Mg(OH)2 was prepared by electrolytic method
using MgCl2 aqueous solution as the main raw materials.
The effects of concentration of MgCl2 solution, current
density, temperature and time of electrolysis on the current
efficiency and energy consumption in the electrolysis pro-
cess were studied in this paper.

(1) The X-ray diffraction results proved that pure Mg(OH)2
crystals can be fabricated by the electrolysis method.
The Mg(OH)2 prepared has two microscopic forms,
shaped in block and elongated fibrous.

(2) Within the experimental range, current efficiency
increased but energy consumption decreased with the
increase of MgCl2 solution concentration, electrolysis
temperature and react time. The effects of current density
on the current efficiency and energy consumption rested
on the concentration of the MgCl2 solution and elec-
trolysis temperature.
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Update on Ballistic Characterization
of the Scalability of Magnesium Alloy
AMX602

Tyrone L. Jones

Abstract
The US Army Research Laboratory (ARL) and the Osaka
University Joining and Welding Research Institute
(JWRI) continued a collaborative partnership with Taber
Extrusions, Epson, Pacific Sowa, Kurimoto, and National
Material LP to reproduce and scale-up military grade
magnesium alloy AMX602 at the Taber Extrusions
manufacturing facility in Russellville, AR. The latest
effort was to extrude 304.8-mm (12-in) wide AMX602
plate, exploring 5 extrusion scenarios, and dynamically
characterizing the penetration resistance of these plates
against two projectiles with different nose shapes. The
results were parametrically analyzed and compared to
conventionally processed magnesium alloy AZ31B-H24
and aluminum alloy AA5083-H131. None of the
304.8-mm wide AMX602 plates could meet or exceed
the penetration threshold of AA5083 against the fragment
simulating projectile. Future research is required to define
the manufacturing variables that correlate to maintaining
the quality of the defeat mechanisms in the AMX602
plate as the width increases.

Keywords
Armor � AMX602 � AA5083 � AZ31B � Ballistic
characterization � Manufacturing processes
Scalability

Introduction

The US Army Research Laboratory’s (ARL) ballistic anal-
ysis of magnesium (Mg) alloys over the last 11 years has led
to an increased understanding of the material’s failure
mechanisms and relationship between Mg alloy strength and

ductility requirements for lightweight armor applications [1].
While Mg alloys have been used for military structural
applications since WWII, very little research has been done
to improve its mediocre ballistic performance [2]. The
highest strength commercial Mg alloy available in plate
form, AZ31B (1.78 g/cm3), may be an effective substitute
armor material for AA5083 (2.66 g/cm3) against
armor-piercing projectiles at an equal weight basis that is
dependent on the projectile diameter [3]. Mg alloy AZ31B
can substitute for AA5083 against fragment simulating
projectiles (FSPs) within a limited areal density range [4].
However, shearing and scabbing are the dominant failure
modes during ballistic impact. The ballistic data generated
by ARL was used to develop the first set of Mg alloy
acceptance standards incorporated into MIL-DTL-32333
(MR), “Armor Plate, Magnesium Alloy, AZ31B, Applique”
[5]. Ultimate tensile strength (UTS), tensile yield strength
(YTS), ductility, and grain size are all important parameters
in determining the ballistic performance of metals. The bulk
material properties of AZ31B are shown in Table 1. Fig-
ure 1 correlates Charpy impact energy absorption (J) versus
Mg armor alloy AZ31B grain size (lm) [6].

In 2009, ARL collaborated with the Joining and Welding
Research Institute (JWRI) of Osaka University under con-
tract through the International Technology Center-Pacific to
develop and evaluate high-strength, high-ductility Mg alloy
plate for structural applications. Initial evaluation showed
grain refinement alone did not clearly improve the ballistic
performance of Mg armor alloy AZ31B [7]. The results
showed a research gap that needed to be filled to make Mg
alloys a viable armor material that could compete with
current aluminum (Al) armor alloy solutions [4]. Based on
the preliminary material and ballistic analysis, the
ARL/JWRI program set goals to develop Mg alloys with the
mechanical properties shown in Table 1.
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Clearly, there were two potential paths forward towards
achieving these set goals:

1. Discover new chemical compositions to create high
strength, high ductility Mg alloys, while not compro-
mising the desirably low density of 1.78 g/cm3.

2. Improve grain refinement through novel processing
techniques to produce high-strength, high-ductility Mg
alloys.

As a result, ARL and JWRI collaboratively created two
new experimental Mg alloys, AMX602 and ZAXE1711, in
extruded 40-mm wide bars starting with an advanced met-
allurgical powder process. The successful ballistic and cor-
rosion evaluation of each material evolved into a coalition to
reproduce and scale up the lateral dimensions of AMX602
bars into 305-mm � 305-mm (12-inch � 12-inch) plates for
commercial production in the United States. Cost was the
driver in our selection of AMX602 over ZAXE1711.
However, once scaling up of AMX602 is achieved, the same
processing methodology can be applied to reproduce
ZAXE1711. Details of the scale up process and ballistic
evaluation of AMX602 are discussed in the next sections.

Material Exploration

AMX602 (Mg-6Al-0.5Mn-2Ca/mass%) Mg alloy powders
produced by the Spinning Water Atomization Process
(SWAP) were used as raw input materials [9, 10]. The coarse
Mg alloy powders had a particle dimension of 1–5-mm. It
was previously verified that the coarse Mg powders of these

sizes were of low explosion risk. The a-Mg grain size of the
raw powders was less than 0.5 lm. Powder compaction and
hot extrusion were applied to these raw powders to fabricate
the extruded bars. The bar had dimensions of 24.5 mm
40 mm � 1000 mm. Tensile test specimens machined from
these bars were evaluated at room temperature. The material
microstructures were observed using an optical microscope.

Experimental Evaluation of Raw Materials

In SWAP powder preparation, schematically illustrated in
Fig. 2a, AMX602 magnesium alloy ingots were melted at
1053 K in a ceramic crucible covered by a protective inert
gas. The molten metals were directly streamed inside the
spinning water chamber from a crucible nozzle. Table 2
shows the chemical composition in weight percent of
AMX602 alloy powders prepared by SWAP. The calcium is
necessary because it reduces the combustive properties of
the magnesium alloys. The impurity content of Fe and Cu is
controlled to less than 0.005% because they are known
corrosive elements in magnesium alloys. As shown in
Fig. 2b, the length of the coarse AMX602 powders prepared
by SWAP is *1–4 mm, and they are of irregular shape.

Powder Metallurgy

The powder was consolidated at room temperature using a
2000 kN hydraulic press machine to fabricate the green
compact. The green compact had a relative density of 85%
and 42 mm diameter. The columnar compact and cast ingot
were heated at *573–673 K for 180 s in an argon gas
atmosphere, then immediately consolidated into full density
material by hot extrusion. An extrusion ratio of 37 and an
extrusion speed 1 m/s were used in this study.

Taber Extrusions manufactured the 304.8-mm wide
25.4-mm thick plate of AMX602 in five tempers. The
method of fabrication process and details of the mechanical
property measurements are detailed in the fabrication report
available from Taber Extrusions.

The mechanical properties of the specimens from each
temper widely varied. None of the specimens met the
mechanical property objectives. In some cases, the speci-
mens were up to 90% lower than the 20% elongation
objective.

Table 1 Objective mechanical
properties of Mg alloy [8]

Alloy Ultimate tensile
strength (MPa)

Tensile yield
strength (MPa)

Elongation to
failure (%)

AZ31B 245 150 7

Proposed Mg alloy 400 350 20

Fig. 1 AZ31B grain size versus charpy impact energy absorption
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Ballistic Experimental Procedure

The ballistic projectiles were selected in a manner that would
allow for direct comparison to other metal alloy armor
standards, particularly to the aluminum alloy 5083
(AA5083) armor plate standard. The weldable, AA5083 is
currently specified for use in many vehicle armor systems.
The experimental projectiles were selected based on the
required projectile in accordance to the magnesium armor
standard, MIL-DTL-32333 and the aluminum armor stan-
dard, MIL-DTL-46027 K at 45.21 kg/m2 (9.26 lb per square
foot) areal density [5, 11]. At 45.21 kg/m2 or 25.4-mm thick,

the magnesium alloy AZ31B standard requires the 0.30-cal.
Fragment Simulating Projectile (FSP) at 0° obliquity at
impact. At 45.21 kg/m2 or 17.0-mm thick, the aluminum
alloy 5083 standard requires the 0.30-cal. Armor Piercing
M2 (APM2) at 30° obliquity at impact. The experimental
setup of target at 0° obliquity at impact is illustrated in
Fig. 3. The experiment setup for the 30° obliquity at impact
is illustrated in Fig. 4.

Ballistic testing of all magnesium alloy plate samples was
performed by ARL at Aberdeen Proving Grounds, Maryland
in accordance with MIL-STD-662F, issued 18 December
1997 [12]. Ballistic results were characterized using the
standard V50 test methodology, also documented in
MIL-STD-662F.

Experimental Projectiles

The first ballistic projectile used to test the magnesium and
aluminum alloy targets was the 0.30-cal FSP designed in
accordance with MIL-DTL-46593B (MR), issued 6 July
2006, as depicted below in Fig. 5 [13]. The weight and
hardness specifications are shown in Table 3. In accordance
with MIL-STD-662F, the maximum allowable yaw was 5°
for an acceptable FSP ballistic impact test.

The second ballistic threat used to test the magnesium and
aluminum alloy plate samples was the 0.30-cal. APM2. The
cross-section of this projectile is shown in Fig. 6 [14]. The
APM2 projectile has a steel core with a hardness in the range
of 60–65 Rockwell C. The physical characteristics of the
core of the 0.30-cal. APM2 projectile are included in Table 4
[14]. The maximum allowable yaw was 3° for an acceptable
APM2 ballistic impact test.

Ballistic Experimental Results

The V50 ballistic limit of the 304.8-mm wide AA5083 plate
was measured and provided for comparison. The V50 bal-
listic limit of the 304.8-mm wide AZ31B plate, manufac-
tured by Magnesium Elektron North America, was also
measured and provided for comparison. All materials were
nominally at an equivalent areal density (i.e., mass per unit
surface area) of 45.21 kg/m2. The actual plate thicknesses
for each target was measured. The hardness of the Mg
plates was measured on a Brinell 500-kg scale, while the
aluminum plate was measured on the 3000-kg scale.
Table 5 compares the V50 ballistic limits of the AMX602

Molten metal

Collected Mg powder

(a)

(b)

Fig. 2 a Schematic illustration of SWAP equipment to produce
rapidly solidified Mg alloy powders; b Morphology of coarse
magnesium alloy powder prepared by SWAP

Table 2 Chemical composition
of AMX602 magnesium alloy
powders

AI Zn Mn Fe Si Cu Ca Mg

6.01 0.007 0.26 0.002 0.038 0.004 2.09 Bal.
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plate of 304.8-mm width to previously manufactured
AMX602 against the FSP [15].

Table 5 illustrates the trend of a reduction in penetration
resistance as the width of the AMX602 plate increases. The
AZ31B-H24 was the threshold material and is highlighted in
red. The AA5083 was the objective material and is high-
lighted in green. The material that did not exceed the
objective threshold was highlighted in blue. The
AMX602-K1 yielded the highest V50 ballistic limit of
1014 m/s for the 304.8-mm wide AMX602 plates. None of
the 304.8-mm wide AMX602 plates met or exceeded the
ballistic limit of the AA5083. The radius of the scabbing and

subsequent spallation off the rear of the AMX602 plates
against the 0.30-cal. FSP was larger than the scabbing and
spallation from the lower width plates. This is indicative of
the lower % elongation in the 304.8-mm wide plates. As
previously documented in prior research papers [15], duc-
tility is equal if not more critical as strength properties in the
penetrative resistance of magnesium alloys. Figure 7 illus-
trates the damage of the 25.4-mm � 101.6-mm
(1-inch � 4-inch) AMX602-Plate B plate, the 25.4 mm
152.4 mm (1-inch � 6-inch) AMX602-Plate E plate, and
the 25.4 mm � 304.8-mm (1-inch � 12-inch) AMX602-K1
plate.

(a) Front View

(b) Profile View

(c) Rear View

Fig. 3 a Front view of 0° obliquity experimental setup; b Profile view
of experimental setup; rear view of experimental setup

(a) Front View

(b) Profile View

(c) Rear View

Fig. 4 a Front view of 30° obliquity experimental setup; b Profile
view of experimental setup; rear view of experimental setup

160 T. L. Jones



Table 6 compares the V50 ballistic limits of the AMX602
plate of 304.8-mm width to previously manufactured
AMX602 against the 0.30-cal. APM2. The V50 ballistic limit
of the standard production 304.8-mm wide AZ31B plate and
the 304.8-mm wide AA5083 plate was measured and
included for comparison. No data exists for the thinner width
AMX602 plates against the 0.30-cal. APM2.

The T1 and the GP-T tempers yielded the highest V50

ballistic limits for the 304.8-mm wide AMX602 plates. In
contrast to the FSP results, all of the 304.8-mm wide
AMX602 plates exceeded the ballistic limit of the AA5083
plate. The AA5083 plate was not thick enough for the
0.30-cal. APM2 projectile to be decelerated by the AA5083
tensile strength properties as efficiently as the magnesium
plates at impact. The radius of the scabbing and subsequent
spallation off the rear of the AMX602 plate against the
0.30-cal. APM2 was smaller than scabbing and subsequent
spallation from the 0.30-cal. FSP plates. Figure 8 illustrates
the damage of the 25.4 mm � 304.8-mm
(1-inch � 12-inch) AMX602-T1 plate.

All Units Are in Inches.

Fig. 5 The 0.30-cal. FSP schematic diagram. All units are in inches

Table 3 0.30-cal. FSP weight and hardness

Weight (g) Rockwell hardness C

2.85 ± 0.03 30 ± 2

Fig. 6 The 0.30-cal. APM2 cross-section

Table 4 0.30-cal. APM2 projectile dimensions and weight

Projectile
length
(mm)

Projectile
diameter
(mm)

Projectile
weight (g)

Core
length
(mm)

Core
diameter
(mm)

Core
weight
(g)

35.3 7.85 10.8 27.4 6.2 5.3

Table 5 V50 ballistic limits at 0° obliquity versus the 0.30-cal. FSP

Metal Alloys Manufacturer Plate Thickess Plate Areal Density Plate Width *Hardness Ballistic Limit Standard Deviation
mm kg/m2 mm HBN m/s m/s

AA5083 (2016) -- 16.834 44.78 304.8 80 1020 7
AZ31B-H24 (2016) Mg-Elektron 26.626 47.39 304.8 52 943 6
AMX602-1 (JWRI) JWRI/KURIMOTO 25.190/25.235 44.84/44.92 40 80 1061 10
AMX602-2 (JWRI) JWRI/KURIMOTO 25.171/25.210/25.197 44.80/44.87/44.85 40 80/80/83 1092 6
AMX602-3 (JWRI) JWRI/KURIMOTO 25.171/25.178 44.80/44.82 40 80/80 1105 19
AMX602-B1 Taber Extrusions 25.489 45.37 38.1 99 1122 54
AMX602-B2 Taber Extrusions 25.565 45.51 38.1 86 1070 2
AMX602-Plate A Taber Extrusions 25.286 45.01 101.6 77 1103 12
AMX602-Plate B Taber Extrusions 25.317 45.06 101.6 83 1105 18
AMX602-Plate C Taber Extrusions 25.4 45.21 101.6 77 1037 35
AMX602-Plate D Taber Extrusions 25.267 44.98 101.6 72 998 30
AMX602-Plate E Taber Extrusions 25.229 44.91 152.4 83 1048 10
AMX602-T1 Taber Extrusions 25.121 44.72 304.8 72 1006 6
AMX602-GP-T Taber Extrusions 25.343 45.11 304.8 77 1008 10
AMX602-T2 Taber Extrusions 24.613 43.81 304.8 80 992 10
AMX602-K2 Taber Extrusions 24.841 44.22 304.8 74/83 971 6
AMX602-K1 Taber Extrusions 24.994 44.49 304.8 77 1014 8
The ballistic limits of B1 & B2 are estimated; ran out of material.
*Mg Alloys measured on 500-kg scale; AA5083 meaured on 3000-kg scale
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Entry of Impact - 25.4-mm x 101.6-mm (1-inch x 4-inch)

Exit of Impact - 25.4-mm x 101.6-mm (1-inch x 4-inch)

Entry of Impact - 25.4mm x 152.4mm (1-inch x 6-inch)

Fig. 7 Post-ballistic images of the AMX602 plates against the
0.30-FSP

Table 6 V50 ballistic limits at 30° obliquity versus the 0.30-cal. APM2

Metal Alloys Manufacturer Plate Thickess Plate Areal Density Plate Width *Hardness Ballistic Limit Standard Deviation
mm kg/m2 mm HBN m/s m/s

AA5083 (2016) -- 16.834 44.78 304.8 80 499 7
AZ31B-H24 (2016) Mg-Elektron 26.626 47.39 304.8 52 539 7
AMX602-T1 Taber Extrusions 25.121 44.72 304.8 72 556 11
AMX602-GP-T Taber Extrusions 25.343 45.11 304.8 77 555 8
AMX602-T2 Taber Extrusions 24.613 43.81 304.8 80 546 4
AMX602-K2 Taber Extrusions 24.841 44.22 304.8 74 538 7
AMX602-K1 Taber Extrusions 24.994 44.49 304.8 77 544 10
*Mg Alloys measured on 500-kg scale; AA5083 meaured on 3000-kg scale

Exit of Impact - 25.4mm x 152.4mm (1-inch x 6-inch)

Entry of Impact - 25.4mm x 304.8-mm (1-inch x 12-inch)

Exit of Impact - 25.4mm x 304.8-mm (1-inch x 12-inch)

Fig. 7 (continued)
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Conclusion

The 304.8-mm scaled-up magnesium alloy AMX602 plates
showed limited ballistic resistance improvements over the
ballistic performance of AA5083. Five tempers of 304.8-mm
wide AMX602 plate were fabricated but these 304.8-mm
wide plates did not meet objective mechanical properties.
The % elongations of these plates were significantly lower
than the % elongations of lower width AMX602 plates from
prior work. This resulted in the 304.8-mm width AMX602
plates failing to match or exceed the ballistic performance of
AA5083 against the 0.30-cal. FSP. The 304.8-mm width
plates did not exhibit good scab containment at the back of
the material against the 0.30-cal. FSP. As expected, the
304.8-mm width AMX602 plate exceeded the ballistic per-
formance of AA5083 against the 0.30-cal. APM2 projectile.
Future research should focus on understanding how to
improve ultimate and yield strength (transverse and longi-
tudinal) and % elongation of the AMX602 plate as the width
of the plate increases during the manufacturing process. This

will be pivotal in boosting the ballistic performance of large
scale AMX602 plate under dynamic impact loading from
kinetic energy penetrators.
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Experimental Study on the Reversion
Reaction Between Magnesium and CO Vapor
in the Carbothermic Reduction of Magnesia
Under Vacuum

Yang Tian, Bao-qiang Xu, Bin Yang, Da-chun Liu, Tao Qu, Hai Liu,
and Yong-nian Dai

Abstract
The mechanism of magnesia production was investigated
experimentally in reversion reaction process in vacuum.
Condensation temperature and temperature gradient
which effected on the condensation of the magnesium
vapor produced by magnesia carbothermic reduction in
vacuum have been investigated by Mg recovery effi-
ciency, XRD, SEM and EDS. The results show that the
higher recovery efficiency was obtained when the
condensing temperature which is closer to the dew point
of magnesium in the constant temperature gradient. Under
the condition of appropriate condensation temperature,
the lower the temperature gradient is, the better the
crystallization of magnesium vapor is. The XRD patterns
of the profile and undersurface of the condensation
product of 1873 K show that the profile of the conden-
sation contains Mg only and the purity of the metal
magnesium is high. But the undersurface of the conden-
sation contains Mg and MgO. The SEM and EDS images
of the profile and undersurface of condensation indicate
that the microstructure of the undersurface of condensa-
tion is largely flocculent structure and irregular arrange-
ment and the crystal morphology was poor and particles

were also tiny. This is due to magnesium vapor reacted
with CO vapor at cooling phase, MgO and C obtained
covered the undersurface and stopped magnesium vapor
condensing.

Keywords
Condensation temperature � Carbothermic reduction
Temperature gradient � Vacuum

Introduction

The carbothermic reduction of magnesia to produce magne-
sium has attracted extensive attention in the last decades due
to its advantages of low reductant cost, high equipment uti-
lization rate, and environment-friendliness compared to the
silicothermic and electrolytic processes for the production of
magnesium [1–3]. However, the reversion reactions between
Mg vapor and CO can affect the condensation of magnesium
vapor, and become to the major technical challenges [4, 5].
Most of the researchers focused on the condensation of
magnesium produced by carbothermic reduction and con-
cluded that there are two routes for condensing magnesium
vapor: the “quench” route and the “solvent” route [6].
The CRIRO is currently studying the carbothermic reduction
of magnesia with graphite at 1600 °C using a Laval nozzle to
quench the resultant magnesia vapor [7–11]. Recent years,
the carbothermic reduction of magnesia under vacuum
conditions had been studied at KMUST [12–14] Previous
studies found that condensing temperature and temperature
gradients have a significant impact on the condensation
process of magnesium vapor [15]. But it is not clear that how
do the reversion reaction impact on the condensation of
magnesium vapor. Therefore, through the experiment
studying, we try to reveal the impact of reversion reaction on
condensation of magnesium vapor in order to provide
the basic theory for the mechanism of condensation of
magnesium vapor.
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Experimental

Raw Material

The chemical compositions of the reducing agents and of the
magnesium oxide are shown in Tables 1 and 2, respectively.

Experimental Apparatus

The experiment was done by using an internally heated
vacuum furnace (Fig. 1).

Experiment Method

Coking coal and magnesium oxide were used as raw mate-
rials. These materials were pulverized into 200 mesh parti-
cles, uniformly mixed, and then placed in a graphite crucible
after compression molding. The crucible was then placed in
a vacuum furnace, and the cooling water valve is then
opened. The furnace was heated when the pressure
decreased to below 60 Pa. The heating rate was kept con-
stant at approximately to 11 K/min. The furnace was ini-
tially heated to 1073 K (which is the optimal coking
temperature of coal) and was then insulated for 30 min [12].
The temperature was then increased to reaction temperature
(1573–1973 K). After the reaction time (3 h), the reaction
product was cooled to room temperature and took out.

In the experimental process, the condensing zone tem-
perature changed by changing the reduction temperature,
and the temperature gradient changed by changing the
condenser pipe length. The reduction temperatures are
1573 K, 1673 K, 1773 K, 1873 K, and the temperature
gradients are T1′, T2′, T3′, T4′, (T1′ > T2′ > T3′ > T4′). We
studied the impact of temperature and temperature gradient
on reversion reaction and the impact of reversion reaction on
condensation of magnesium vapor. Figure 2 shows the
experimental flow chart.

Analysis Methods

The crystalline phase of the products was identified by X-ray
diffraction (XRD) instrument (D/max-3B) using Cu Ka

radiation with a scanning rate of 2(°)/min which was made
by Rigaku Corporation of Japan. Surface morphology and
chemical composition of the condensing product were
characterized by scanning electron microscopy and EDAX
pattern, respectively, which were made by Philips of Hol-
land. The below formula means the direct recovery of the
magnesium metal obtained, the obtained value was then used
as the technological index of magnesium vapor
condensation.

g ¼M
m

� 100%

m = n� e%� 3
5

Where g is the direct recovery of the magnesium metal,
M is the mass of the obtained magnesium metal in the
condensing zone, m is the mass of the magnesium mate
reduced from the materials, n is the magnesium oxide con-
tent of the materials and e% is the reduction rate of mag-
nesium oxide.

Results and Discussion

Influence of Reaction Temperature
and the Temperature Gradient
on the Direct Recovery

Figure 3 shows the relationships of the reduction tempera-
ture and recovery efficiency, at the constant temperature
gradient and the average pressure of 60 Pa. Heat preserva-
tion was performed for 3 h. We can see from Fig. 3 that the
direct recovery increased with reaction temperature
increasing when the temperature gradient was T1′, T2′, T3′.

Table 1 Chemical compositions of reducing agent (mass fraction, wt%)

Sample Fixed carbon Volatile Water Ash (30.65)

SiO2 Al2O3 TiO2

Coking coal 47.14 21 1.21 60.75 26.3 2.47

Table 2 Chemical compositions of magnesium oxide (mass fraction, wt%)

Ingredient MgO SiO2 Al2O3 CaO

Content � 95 0.15 <0.10 <0.50
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This is due to that increasing reaction temperature will make
condensation temperature increase and magnesium vapor is
easier to condense and crystallize when the condensation
temperature is closer to the dew point temperature of the
metal magnesium. However, the direct recovery essentially
unchanged with reaction temperature increasing when the
temperature gradient was T4′. This is because that the con-
densation temperature is higher than the dew point temper-
ature when the temperature gradient was T4′ and it is difficult
magnesium vapor condenses and crystallizes. In conclusion,
under the constant temperature gradient, magnesium vapor is

easier to condense and crystallize when the condensation
temperature is closer to the dew point temperature of the
metal magnesium, and the direct recovery also is higher.

Figure 4 shows the relationships of the temperature gra-
dient and recovery efficiency, at the constant reaction tem-
perature and the average pressure of 60 Pa. Heat
preservation was performed for 3 h. We can see from Fig. 4
that the direct recovery increased when the temperature
gradient decreased from T1′ to T2′ under the condition that
the reaction temperature is 1573 and 1673 K. However, the
direct recovery decreased when the temperature gradient
continued decrease to T3′ and T4′. This is because that the
condensation temperature is higher than the dew point
temperature the temperature gradient was T3′ and T4′ and it
is difficult that magnesium vapor condenses and crystallizes.
When the reaction temperature were 1773 and 1873 K, heat
from the reaction zone made the condensation zone

Fig. 1 Schematic diagram of vacuum furnace

Fig. 2 The experimental flow chart

Fig. 3 Relationships of the reduction temperature and direct recovery

Fig. 4 Relationships of the temperature gradient and direct recovery
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temperature too high and so the temperature gradient had a
little effect on the direct recovery. In conclusion, the small
temperature gradient can improve the direct recovery under
the appropriate condensation temperature.

Macroscopic Analysis of Metal Magnesium
Condensation

At an average pressure 60 Pa, when the reduction tempera-
ture is 1573 and 1873 K, the temperature gradient is T3′, the
physical map of the condensation is shown by the Figs. 5
and 6, respectively. It can be seen from Fig. 5 that the
condensation product of 1573 K was small pieces and it’s
structure was loose and frangibility. Figure 6 shows that the
condensation product of 1873 K was a big size and it’s
structure was compact and better hardness.

The condensation product of 1873 K is shown in the
Fig. 7. A and B are the profile and undersurface, respec-
tively. It can be seen from Fig. 7 that the profile of the
condensation is needle-like and has metal luster, macro-
scopically. However, Fig. 6 shows that the undersurface of
the condensation is granular and ash black.

Microcosmic Analysis of Metal Magnesium
Condensation

Figures 8 and 9 show the XRD patterns of the profile and
undersurface of the condensation product of 1873 K,
respectively. It can be seen from Fig. 8 that the profile of the
condensation contains Mg only and all peaks are sharp and

well-defined, which indicated the high purity of the metal
magnesium. As can be seen from the Fig. 9 that the under-
surface of the condensation contain Mg and MgO.

Figure 10 shows the scanning electron microscopy
(SEM) and energy dispersive spectrometer (EDS) images of
the profile of condensation. We can see from Fig. 10 that
magnesium atoms grow like branch and condensation have a
linear connecting and regularity structure. The EDS shows
that the content of magnesium is 96.93 wt%, oxygen is
3.03 wt%.

Figure 11 shows the SEM and EDS images of the under-
surface of condensation. As was shown in the Fig. 11, the
microstructure of the undersurface of condensation is largely
flocculent structure and irregular arrangement. The EDSFig. 5 Condensation product of 1573 K

Fig. 6 Condensation product of 1873 K

Fig. 7 The picture of the condensation
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Fig. 8 The XRD of the profile of condensation
Fig. 9 The XRD of the undersurface of condensation

Fig. 10 The SEM and EDS images of the profile of condensation

Fig. 11 The SEM and EDS images of the undersurface of condensation
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shows that the content of magnesium is 75.43 wt%, oxygen is
12.39 wt%, and carbon is 12.18%. Compared to Fig. 10, the
crystal morphology was poor in Fig. 11 and particles were
also tiny. Loosely crystallized magnesium in Fig. 11 was due
to the carbon and magnesia produced by the reverse reaction.
The carbon and magnesia obtained by the reverse reaction
block the aggregation of nucleating vapors and prevent coa-
lescence, thereby decreasing the rates of magnesium nucle-
ation and crystal growth. This is due to that magnesium vapor
reacted with CO vapor at cooling phase, MgO and C obtained
covered the undersurface and stopped magnesium vapor
condensing.When the temperature is lower than the gas-liquid
transition temperature, the magnesium vapor would transform
from gaseous to solid state rapidly, and then the magnesium
powder would reacted with CO vapor directly.

Conclusions

1. Under the constant temperature gradient, magnesium
vapor is easier to condense and crystallize when the
condensation temperature is closer to the dew point
temperature of the metal magnesium, and the direct
recovery also is higher. Under the appropriate conden-
sation temperature, the small temperature gradient can
improve the direct recovery under the appropriate con-
densation temperature.

2. When the average pressure is 60 Pa and the temperature
gradient is T3′, the condensation product of 1573 K was
small pieces and it’s structure was loose and frangibility;
and the condensation product of 1873 K was a big size
and it’s structure was compact and better hardness. The
profile of the condensation product of 1873 K is
needle-like and has metal luster, macroscopically. How-
ever, the undersurface of the condensation product is
granular and ash black.

3. The XRD patterns of the profile and undersurface of the
condensation product of 1873 K show that the profile of
the condensation contains Mg only and the purity of the
metal magnesium is high. But the undersurface of the
condensation contains Mg and MgO. The SEM and EDS
images of the profile and undersurface of condensation
indicate that the microstructure of the undersurface of
condensation is largely flocculent structure and irregular
arrangement and the crystal morphology was poor and
particles were also tiny. This is due to magnesium vapor
reacted with CO vapor at cooling phase, MgO and C
obtained covered the undersurface and stopped magne-
sium vapor condensing.

Funding Project supported by fund of free inquiry of chinese aca-
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tion Center of Complex Nonferrous Metal Resources Clear Utilization
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Study on Metal Smelting Process Under
Microwave Irradiation

Satoshi Fujii, Eiichi Suzuki, Naomi Inazu, Shuntarou Tsubaki,
Masahiko Maeda, and Yuji Wada

Abstract
Chemical reactions carried out under microwave irradi-
ation often have high reaction rates and high selectivities,
which enable compact reactor sizes and
energy-conservation processes. Thus, microwave chemi-
cal processing and chemical synthesis have attracted
considerable interest, as they will be employed for greatly
improving process efficiencies and conserving energy for
realizing “Green Chemistry” or “Green Engineering”. We
have applied this technology to smelting process of
magnesium metal. But Oxide (dolomite) does not absorb
microwave energy well and does not generate heat. This
time, when electrically conductivity ferrosilicon used as a
reducing agent was mixed with the raw dolomite material
and made into an antenna structure, it became easier to
absorb the microwave energy and reduce the temperature.
We have successfully obtained small amount of magne-
sium metal using a microwave irradiation with high yield
of 71%, and also showed quarter of energy consumption
in comparison with conventional process, which is called
Pidgeon process.

Keywords
Microwave irradiation � Pidgeon method � Smelting
magnesium

Introduction

Chemical reactions performed under microwave irradiation
often demonstrate high reaction rates and high selectivities,
which allows for more compact reactors and more
energy-efficient processes than conventional heating meth-
ods. Microwave chemical processing and chemical synthesis
have therefore attracted significant attention as means of
improving process efficiencies and conserving energy for
realizing “green chemistry” or “green engineering” [1].
Currently, the smelting of magnesium metal is mainly per-
formed using the Pidgeon method (thermal reduction
method) where the material temperature is raised using a
large amount of coal as the heat source. About 80% of
magnesium metal is produced in China. A large amount of
coal is consumed for smelting, resulting in the generation of
the air pollutant PM 2.5 (fine particulate matter) and the
release of carbon dioxide to the atmosphere, which are major
problems. The Pidgeon method is a technique for heating
dolomite ore and silicon iron to high temperatures and then
cooling the evaporated magnesium to obtain magnesium
metal.

2MgO sð Þ + 2CaO sð Þþ Feð ÞSi sð Þ ! 2Mg gð Þ
+ Ca2SiO4 sð Þ + Fe sð Þ

* s: Solid, g: Gas
Dolomite mineral: MgO, CaO; Ferrosilicon: FeSi, Heat

source: Coal.
In this study, we have investigated a new Pidgeon pro-

cess, using microwaves instead of coal as the heat source, for
producing Mg with lower energy inputs and a decrease in
greenhouse gas emissions [2].
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Experimental

Normally, dolomite is a poor absorber of microwave energy
and does not generate heat. However, by using ferrosilicon
as the reducing agent, devising the shape of the raw material
pellet obtained by mixing dolomite and ferrosilicon and
forming it as an antenna so that it has a resonance structure
of 2.45 GHz (same as the frequency for microwave ovens),
it was possible to confine the microwave energy to the bri-
quettes. The small-scale experimental reactor consists of a
multi-mode applicator, a stirrer fan, and a magnetron as a
microwave source and experiments were conducted to con-
firm the antenna effects and smelting briquettes. Then, a
demonstration furnace about 5 times larger than the experi-
mental furnace was constructed and conducted to estimate
the energy consumption of smelting Mg using microwave
irradiation.

Results and Discussion

In a small-scale experimental reactor, 1 g of magnesiummetal
was smelted successfully. Figure 1 shows the result of X-ray
diffraction and the photo of the obtained magnesium
metal smeltingmagnesium. And in a large-scale experimental

reactor, 7 g of magnesium metal was also obtained and the
energy consumption of the new microwave Pidgeon method
could be reasonably estimated as 58.6 GJ/t (Mg).

Conclusion

This success in saving energy for smelting magnesium metal
has led to the possibility of this technique being developed
and applied to the high temperature reduction process of
oxides. In the future, through further development of this
research, it will be applied to the smelting of other metal
materials to save energy with steel, metals, materials, and
chemistry, which have not advanced, and help reduce carbon
dioxide, which is one of the causes of global warming.
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Thermogravimetric Analysis of Simultaneous
Decomposition and Formation of MgB2

Muhammad A. Imam and Ramana G. Reddy

Abstract
This study provides the simultaneous thermogravimetric
(TGA) decomposition and formation of MgB2. This
thermal decomposition of MgB2 to MgB4 was investi-
gated to determine the kinetic barriers associated with the
decomposition process. At the same time, the formation
of MgB2 from MgB4 was also studied. A list of models
available from the literature was also validated in the
present study by using the Coats-Redfern equation to
determine the mechanism involved in the decomposition
and formation reactions. A second order reaction model
was more linearly fitted with the CR equation than other
available models. A computational approach was used to
determine the precise reaction order (n = 2.2) for both
decomposition and formation. The activation energy of
decomposition was 205.81 ± 1.5 kJ/mol and formation
was 241.5 ± 2.6 kJ/mol, both of which are in close
agreement with the literature. The standard formation
enthalpy of MgB2 (−18.16 ± 1.78 kJ/mol) and MgB4

(−13.86 ± 0.71 kJ/mol) was also obtained.

Keywords
Thermogravimetric analysis � MgB2 � MgB4

Activation energy

Introduction

The MgB2 superconducting phase possesses a higher critical
temperature (Tc) of *39 K compared to other supercon-
ducting phases [1]. After the invention of MgB2, different
processing routes were studied to optimize the supercon-
ducting properties [2–5]. Along with the formation of MgB2,
other semiconducting phases were also investigated in the

Mg-B binary system [6]. The latest Mg-B binary phase
diagram, reported by Liu et al., consists of MgB2, MgB4,
and MgB7 binary phases [7]. Some other intermediate pha-
ses were reported in the early literature but not experimen-
tally confirmed. The thermodynamic studies of Mg-B system
were not established yet. But the CALPHAD and ab initio
based thermodynamic calculations of Mg-B binary system
were performed to obtain better thermodynamic boundaries
of the existing phases [8]. Cook et al. and Brutti et al.
investigated the vaporization calorimetry techniques to
understand the high-temperature thermodynamic properties
[9–11]. Recently, Reddy et al. conducted the equilibrium
studies using emf cell technique to understand the solid state
high-temperature phase equilibria [12].

The kinetics and diffusion studies of Mg-B binary system
are limited due to experimental difficulties. Ma et al. and Shi
et al. reported the formation kinetics of sintered MgB2 from
an elemental Mg and B mixture [13, 14]. The decomposition
of the MgB2 thin film was studied by Fan et al., which is
kinetically limited to the thin film application. Additionally,
the reported kinetically limited Mg partial pressure did not
agree with the thermodynamically predicted Mg partial
pressure. On the other hand, the synthesis of bulk MgB4 and
MgB7 has largely depended on the decomposition of MgB2.

It is reported in the literature that the solid phase MgB2

directly decomposes to solid phase MgB4 [15]. Furthermore,
similar study with other Mg based alloys was also performed
by Reddy et al. [16].

The reaction kinetics of solids was observed by using the
experimental techniques like differential thermal analysis
(DTA) [16], thermogravimetric analysis (TGA) [17, 18],
and differential scanning calorimetry (DSC) [19]. The
kinetic studies were performed under isothermal conditions
in the early studies [20, 21]. The reaction rates in solids were
determined using non-isothermal techniques. However,
these results were not used for kinetic assessments until the
1930s. Therefore, the concepts of solid-state kinetics were
established by experiments carried out under isothermal
conditions. Initially, non-isothermal kinetic studies had been
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ignored. Freeman and Carroll studied some TGA-based
weight loss/gain kinetics [22]. They stated some advantages
over conventional isothermal studies. After Coats and Red-
fern (CR) proposed non-isothermal kinetic equations based
on TGA weight loss, several studies are suggested using this
approach.

In the present work, TGA weight change was evaluated
using the CR equation [23].

In the reaction:

2MgB2 � MgB4 þMg gð Þ ð1Þ
Currently accepted kinetic equation might express the

rate of decomposition of MgB2 as:

da
dt

¼ kf að Þ ð2Þ

k ¼ A exp�E=RT ð3Þ
where conversion factor, a ¼ m0�mt

m0�m/
; m0 = intial mass,

mt = mass after time t, m ͚ = mass after reaction complete,
k = rate constant, A = pre exponential frequency factor,
R = universal gas constant, T = absolute temperature, f(a) is
a function of the reacted fraction, that depends on the
reaction model [9], E = activation energy.

For a linear heating rate, b ¼ dT=dt, Eq. (1) and (2)
gives:

da
dT

¼ A

b
exp�E=RT f að Þ ð4Þ

Z1

0

da
f að Þ ¼ g að Þ ¼ A

b
ZT

0

exp�E=RTdT ð5Þ

There is no exact integral of RT
0
exp�E=RTdT , but making

substitution E/RT = x:

g að Þ ¼ ART2

bE
Z1

x

exp�x

x2
dx ¼ ART2

bE
P xð Þ ð6Þ

where P(x) has no analytical solution and using the relation:

Z1

x

e�x

xb
dx � x1�be�x

X1
n¼0

�1n bð Þn
xnþ 1

ð7Þ

g að Þ ¼ ART2

bE
1� 2RT

E

� �
e
�E
RT ð8Þ

by taking natural logs:

ln
g að Þ
T2

¼ ln
AR

bE
1� 2RT

E

� �
� E

RT
ð9Þ

Therefore a plot of ln g að Þ
T2 vs � 1

RT should be a straight line
of slope E, activation energy.

In this study, a set of different models shown in Table 1
were chosen to calculate the activation energy using Eq. 8.
The best linear fitted model was chosen as the driving
mechanism for this decomposition or formation of MgB2.
X-ray diffraction (XRD) of MgB2 before and after TGA
confirmed the reversible reaction. The scanning electron
microscope (SEM) analysis are also showed the similar
morphology before and after the TGA measurements.

Experimental

Materials

Magnesium diboride was synthesized using the elemental
mixture of Mg and B. Pure elemental Mg (99.99% metal
basis,*325 mesh) and B (99.99% metal basis,*325 mesh)
powders were purchased from Alfa Aesar, USA. A mixture
containing stoichiometric amounts of elemental Mg and B
(1:2) was mixed in a glass jar. The powders were mixed for
24 h in a jar mill to get a homogenous mixture of Mg and B.
The powder mixture was cold-pressed using a Carver, Inc.
(Model 43-50L) to obtain a cylindrical pellet (2B + Mg)
with 1.3 cm diameter. This process was performed for
20 min at 55 MPa to obtain a high-dense pellet.

Table 1 Solid state reaction
mechanisms, kinetic models, and
conversion functions [24]

Mechanism Kinetic model Conversion functions, g(a)

Nucleation model Power law a1/n, n = 2–4

Diffusion model 1-D diffusion a2

Diffusion control (Janders) [1 − (1 − a)1/3]2

Diffusion control (Crank) 1 − (2/3)a − (1 − a)2/3

Reaction order Mampel (first order) −ln(1 − a)

Second order (1 − a)−1 − 1

Geometrical construction Contracting cylinder 1 − (1 − a)1/2

Contracting sphere 1 − (1 − a)1/3
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Subsequently, sintering of the pellet was carried out at
973 K for 3 h in an argon gas flowing atmosphere.

Thermogravimetric Analysis (TGA)

The thermogravimetric analysis of freshly prepared MgB2

was performed from 373 to 1250 K at 10 K/min using a
Perkin Elmer TGA7 instrument according to ASTM stan-
dard E2550 [25]. About 20 mg of the MgB2 was used to
determine the weight change due to decomposition and
formation of MgB2. An inert atmosphere was maintained
using the ultra-high pure (99.9%) argon gas (purchased from
Airgas, USA) at a purge rate of 20 ml/min.

Characterization of MgB2 Powder

After sintering, the sample was characterized using X-ray
Diffraction (XRD) and scanning electron microscopy
(SEM). XRD was performed using Philips X’pert MPD
instrument. The XRD data were obtained at a scan rate of
0.01°/s in the range of diffraction angle 2h = 20–80º with
the Cu-Ka (k = 1.5405 Aº) monochromatic source. Phase
analysis was conducted using the Jade 6.0 software (Mate-
rials Data, Inc.). The analysis was based on the standard
ICDD diffraction data. The surface morphology was per-
formed using FESEM (Model JEOL JSM 7000F) before and
after the TGA. The images of nanoparticles were obtained at
a high resolution (≳30000�) with an accelerating voltage of
20 kV.

Results and Discussion

Thermogravimetric Analysis (TGA)

Figure 1 shows the TGA analysis for the different samples.
The increase in weight is *1% over the temperature range
of 300–1185 K due to the surface oxidation of MgB2 sam-
ple. XRD results confirm the formation of MgB2 after the
intermediate steps.

As seen from Fig. 1, the onset decomposition temperature
is observed at 1194� 4K. The activation energy of the
decomposition and formation reactions are determined from
the TGA weight loss and weight gain data using the
Coats-Redfern (CR) Eq. (8).

X-Ray Diffraction of MgB2

Figure 2 shows an X-ray diffraction pattern obtained (before
and after TGA) from the crystalline particles (>100 µm in

size), which matched with the MgB2 phase (ICCD-PDF#
38-1369). The plane (101) is the characteristic peak for
MgB2 at Bragg’s angle of 42.61° that match with the
ICCD PDF file. Along with this, other peaks also matched
with significant crystallographic planes, i.e. (001), (100),
(101), (002), (110), (102), (111), (200), and (201) of the
MgB2 PDF file. Only a trace amount (<2%) of MgO was
found in the XRD spectrum. The peak was observed at
Bragg’s angle of 62.302° for (220) plane of MgO. The trace
amount of MgO was formed as a product of formation of
MgB2 [26].

Fig. 1 Simultaneous weight loss and gain of MgB2 using TGA
analysis

Fig. 2 XRD of MgB2 compound before and after TGA
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Scanning Electron Microscope (SEM)

Figure 3 shows the morphology of MgB2 obtained from
FESEM before and after TGA. Figure 3a shows the mor-
phology of MgB2 which was sintered at 973 K for 3 h in an
argon flowing atmosphere, while Fig. 3b represents the
formation of MgB2 from the reversible reaction (Eq. 1). The
formation of MgB2 from an elemental mixture of Mg and B
at 973 K was due to the solid-liquid rearrangement of par-
ticles and their subsequent reaction which led to
re-precipitation and grain growth (Ostwald ripening mech-
anism) of MgB2 [13]. Additionally, the particle sizes
(Fig. 3a) are small (100–300 nm) due to the solution pre-
cipitation. On the other hand, the MgB2 formed during TGA
analysis is governed by the solid state reversible reaction.
The particle sizes (Fig. 3b) are much larger compared to the
sintered MgB2. That is might be due to the difference in the
formation mechanism.

Activation Energy Calculation by Model
Validation

Various kinetic models mentioned in Table 1 were used with
the CR equation to confirm the mechanism. The corre-
sponding ln [g(a)/T2] versus 1/RT plot is presented in
Fig. 4a, b for decomposition (weight loss) and formation
(weight gain) respectively. All the linear fit kinetics data are
also tabulated in Tables 2 and 3. As seen from Fig. 4a, b, the
most linear fitted curve for decomposition and formation is a
second order reaction model mechanism. In both cases, the
coefficient of determination (R2) is 0.92 and 0.93 for
decomposition and formation respectively. It needs to be
mentioned that all the other kinetics models were not
showing a linear relationship (R2 < 0.86). However, the
accurate model or reaction mechanism could not be deter-
mined by these (R2 = 0.92 or 0.93) coefficients of
determination.

Fig. 3 SEM morphology of a MgB2 sintering from an elemental mixture of Mg and B (before TGA) b after TGA
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A computational approach (inset of Fig. 5a, b) was used
to select the value of n (n = 2.2), giving the best linear
fitting R2 = 0.98 and R2 = 0.97 for decomposition and
formation respectively. From this analysis, it could be
inferred that the reaction order (n = 2.2) mechanism was
maintained for decomposition and formation.

The slope of the ln g að Þ=T2½ � versus −1/RT gives the
activation energy (E) after normalizing the units. The acti-
vation energy of decomposition is 205.65 ± 1.5 kJ/mole
and formation is 241.4 ± 4.75 kJ/mole, which is in close
agreement with the published literature, ΔHvap. = 238.1 ±

2.6 kJ/mol [11]. The activation energy was summarized in
Table 4.

Additionally, this activation energy ðE ¼ Dr G ¼
DrHþ T DrSÞ was used to derive the standard formation of
enthalpy ðDf HoÞ assuming that ðDrSÞ is negligible. The
standard formation of enthalpy of formation ðDf HoÞ was

calculated using the following relationship for
Eq. 1 2MgB2 � MgB4 þMg gð Þð Þ:

DrH MgB2ð Þ ¼ Df H
0
298:15 MgB4ð ÞþDf H

0
298:15 Mgð Þ

� 2Df H
0 MgB2ð Þ;

where the sublimation enthalpy Df H0
298:15 Mgð Þ ¼

146:4 kJ/mol;DrH MgB2ð Þ ¼ E (TGA formation) ¼
241:5 kJ/mol and Df H0

298:15ðMgB4Þ was calculated from the
following equation:

7=3MgB4 sð Þ ¼ 4=3MgB7 sð ÞþMg gð Þ

DrH MgB4ð Þ ¼ 4=3 � Df H
0
298:15 MgB7ð ÞþDf H

0
298:15 Mgð Þ

� 7=3 � Df H
0 MgB4ð Þ

It needs to be mentioned that the formation enthalpy of
MgB7 was taken from literature [10]. Table 5 summarizes
the formation enthalpy from this work and literature.

Table 2 Model verification for TGA weight loss [0 	 a	 1]

Model 1D Power law Contracting
cylinder

Contracting
sphere

2nd order 1st order Crank 3D Janders 3D

Intercept 266.55 ± 14.08 195.86 ± 10.56 150.17 ± 6.76 160.58 ± 6.61 289.62 ± 7.06 186.75 ± 6.35 307.68 ± 13.65 337.35 ± 13.21

Slope −283.78 ± 14.14 −212.33 ± 10.60 −166.46 ± 6.78 −177.22 ± 6.63 −304.79 ± 7.09 −202.21 ± 6.38 −326.91 ± 13.70 −356.46 ± 13.26

R2 0.71 0.71 0.78 0.81 0.92 0.86 0.77 0.81

Adj. R2 0.71 0.71 0.78 0.81 0.92 0.86 0.77 0.81

Table 3 Model verification for TGA weight gain [0 	 a	 1]

Model 1D Power law Contracting
cylinder

Contracting
sphere

2nd order 1st order Crank 3D Janders 3D

Intercept 259.17 ± 15.83 190.82 ± 11.87 152.52 ± 7.80 166.19 ± 7.65 341.89 ± 6.72 203.50 ± 7.16 307.75 ± 15.73 346.61 ± 15.31

Slope −283.52 ± 16.33 −212.64 ± 12.24 −173.13 ± 8.04 −187.51 ± 7.89 −366.01 ± 6.92 −224.52 ± 7.38 −335.32 ± 16.22 −375.02 ± 15.78

R2 0.65 0.65 0.74 0.77 0.93 0.85 0.72 0.77

Adj. R2 0.64 0.64 0.74 0.77 0.93 0.85 0.72 0.77

Fig. 4 Plots of ln [g(a)/T2] versus 1/RT for different models using values of a for MgB2 a decomposition and b formation

Thermogravimetric Analysis of Simultaneous Decomposition … 177



Conclusion

The thermal decomposition of MgB2 to MgB4 was studied to
determine the kinetic barriers associated with the decom-
position process. At the same time, the formation of MgB2

from MgB4 was investigated. XRD confirms the formation
of MgB2 after TGA. The morphology study was performed
using FESEM. Several models available from the literature
were also validated in the present study using the
Coats-Redfern equation to determine the mechanism
involved in the decomposition and formation reaction.
A second order reaction model was linearly fitted with the
CR equation. A computational approach was used to deter-
mine the precise reaction order (n = 2.2) for both decom-
position and formation. The activation energy of
decomposition is 205.81 ± 1.5 kJ/mol and formation is
241.5 ± 2.6 kJ/mol, which is in close agreement with the
published literature, ΔHvap. = 238.1 ± 2.6 kJ/mol. The stan-
dard formation enthalpy of MgB2 and MgB4 was also derived.
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Dislocations in Mg Alloys with Rare-Earth
Element Addition

Zhiqing Yang and Hengqiang Ye

Abstract
Improvement of ductility is important for applications of
Mg alloys. Basal dislocation motion and twinning are the
two major deformation modes in Mg alloys. However, the
basal slip system cannot support homogeneous plastic
deformation of Mg alloys. Twin-boundaries in Mg alloys
are potential sites for cracking. Therefore, activation of
non-basal slip is expected to play an important role in
improving ductility of Mg alloys. We have studied both
<a> and <c+a> dislocations, as well as their interactions
with solute atoms, stacking-faults and grain-boundaries in
RE-containing Mg alloys. Cottrell atmospheres along
dislocations in deformed strengthening phases of a Mg–
Zn–Y alloys were observed and quantified. Based on
atomic resolution characterizations, a binding energy of
about 0.05 eV is deduced between basal dislocations and
surrounding solute atmospheres. Besides providing
enough independent slip systems, <c+a> dislocations
can cut and react with basal stacking-faults, and react with
grain-boundary dislocations, and drive migration of
grain-boundaries, benefiting both strength and ductility
of Mg alloys.

Keywords
Dislocation � Cottrell atmosphere � Suzuki segregation
Grain boundary � Strength � Ductility

Introduction

Mg alloys have tremendous potential to achieve energy
efficiency in many industries, since they are the lightest
metallic materials for structural applications [1, 2]. Proper

plastic formability is one of the important properties for most
industrial applications of metallic materials. Dislocation
motion and twinning are the two main plastic deformation
modes in alloys [3]. Basal <a> slip is usually activated first
at the early stage of plastic deformation of Mg alloys [4].
With further increase of flow stress, deformation twinning
may start to accommodate the plastic deformation of Mg
together with basal slip [5]. Therefore, motion of disloca-
tions and their interactions with other crystal defects play a
critical role in ductility of Mg alloys. However, Mg alloys
usually exhibit ductility not high enough for making struc-
tural components through plastic processing, because their
easiest slip system, ð0001Þ\11�20[ in the hexagonal
close-packed (HCP) structure, cannot supply five indepen-
dent slip systems to achieve homogeneous plastic deforma-
tion in polycrystalline materials [6, 7]. Moreover, twin
boundaries (TBs) were potential sites for nucleation and
propagation of microcracks [8]. Cracks often occur in many
Mg alloys (such as AZ31, AZ31B) during hot processing [9–
11]. Therefore, poor formability is one of the primary bar-
riers to industrial applications of Mg alloys.

Activation of pyramidal <c+a> dislocations which can
provide five independent slip systems is thus a potential way
to improve the ductility of HCP alloys. Therefore, <c+a>
dislocations in HCP metals and alloys have been extensively
investigated for decades [12–14]. But, molecular dynamics
simulations showed that <c+a> dislocations showed high
tendency to transform from dissociated geometry on pyra-
midal slip planes into sessile locks on basal planes in Mg,
preventing their long-range glide on pyramidal planes,
which might be one of the reasons for the poor ductility of
Mg alloys [15, 16]. So, it is necessary to prevent <c+a>
dislocations from dissociating into sessile locks, in order to
achieve their long-range pyramidal glide. Interestingly, there
have been studies showing that pyramidal slip of <c+a>
dislocations occurred in Mg alloys with addition of
rare-earth elements (RE), such as Ce and Y [17–20]. The
improvement of ductility of Mg alloys with the addition of
RE was also confirmed by V-bending tests at room
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temperature in a Mg–Zn–Y alloy without cracking with a
minimum bending radius per thickness of 3.3, while a large
crack appeared in a Mg–Al–Zn sample [21].

Addition of RE in Mg alloys may lead to the formation of
long-period stacking ordered (LPSO) strengthening phases.
And it has been revealed that deformation twinning was
large prohibited in Mg–Zn–Y alloys containing LPSO [22,
23]. Therefore, dislocation motion should play an important
role in plastic deformation of Mg alloys with RE addition. In
the present study, dislocations and their interaction with
other crystal defects, such as solute atoms, stacking faults
(SFs) and grain boundaries (GBs), in Mg–Zn–Y and Mg–
Zn–Gd alloys were investigated using aberration-corrected
scanning-transmission electron microscopy (STEM), in
order to obtain some in-depth understanding of the influence
of dislocations on strength and ductility of Mg alloys with
RE addition.

Experiments

A Mg97Zn1Y2 (at.%) alloy and a Mg97Zn1Gd2 (at.%) alloy
were prepared using a high frequency induction furnace
under argon atmosphere protection. The as-cast Mg97Zn1Y2

(at.%) alloy has a duplex microstructure with LPSO phases
and Mg matrix containing a high density of SFs [22]. The
as-cast Mg97Zn1Gd2 alloy has no LPSO phase, so it was
heated at 500 °C for 10 h, in order to obtain LPSO
strengthening phases. Besides formation of LPSO phases, a

high density of SFs was also formed in the heat-treated
Mg97Zn1Gd2 alloy, according to STEM observations, as
shown in Fig. 1. Microstructure of the Mg97Zn1Gd2 alloy
treated at 500 °C is quite similar to that of the as-cast
Mg97Zn1Y2 alloy. LPSO phase in the Mg97Zn1Gd2 alloy has
a 14H structure, which is different from 18R LPSO observed
in as-cast Mg–Zn–Y alloys [22].

Compression tests were performed at 300 °C with strain
rates ranging from 2 � 10−4 to 1 � 10−3 s−1, in order to
study dislocations and their interactions with other crystal
defects. Samples for microstructural investigations were
prepared by standard ion milling techniques. High-angular
annular dark field (HAADF) STEM studies were performed
on a Titan 60–300 microscope operating at 300 kV. The
beam convergence half-angle was set as 25 mrad, and the
collection half-angles of the HAADF detector ranged from
about 60 mrad to about 290 mrad for atomic-resolution
observations, which can basically eliminate the influence of
strain contrast around dislocations [24, 25].

Results and Discussion

Basal Slip and Cottrell Atmospheres in LPSO
Phases

Plastic deformation of LPSO phases in Mg alloys has been
found dominated by basal slip [22]. Basal <a> dislocations
may rearrange to form tilt GBs which are often referred to as

Fig. 1 a Low-magnification HAADF-STEM image showing
microstructure in the Mg97Zn1Gd2 alloy heated at 500 °C for 10 h,
b atomic resolution HAADF-STEM image of LPSO phase. The upper

right inset is an atomic resolution HAADF-STEM image recorded from
Mg matrix containing a high density of SFs with solute segregation
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kink boundaries in deformed LPSO phases. Figure 2a shows
an atomic resolution HAADF-STEM image recorded from a
LPSO plate in a Mg97Zn1Y2 sample deformed at 300 °C to a
strain of about 20% at a strain rate of 5 � 10−3 s−1. It is seen
that a kink boundary with a tilt angle of about 6.5° was
formed in the deformed LPSO plate, according to direct
measurement on the image. There should be six basal 60°
<a> dislocations within the region indicated by the Burgers
circuit, according to its closure failure. Interestingly, the kink
boundary shows brightness higher than the LPSO matrix,
demonstrating the occurrence of solute segregation at the
boundary [24–26]. Moreover, the enhanced brightness is not
homogenous along the boundary, but the centers of tiny
regions with enhanced brightness are basically coincident
with dislocation cores, suggesting attraction of solutes
towards dislocations (Fig. 2a).

Figure 2b is an atomic resolution HAADF-STEM image
recorded from a region far away from kink boundaries in
deformed LPSO phase in a Mg97Zn1Y2 sample. The closure
failure of the Burgers circuit indicates presence of an basal
60° <a> dislocation. There are also atomic columns
showing enhanced brightness due to solute enrichment
around this isolated dislocation line, demonstrating the
formation of Cottrell atmosphere. Isolated dislocations in
the bulk lattice of LPSO like the one shown in Fig. 2b

should be moving either toward a nearby kink boundary or
somewhere to form a new kink boundary together with
other dislocations of the same sign. Therefore, the observed
Cottrell atmosphere shown in Fig. 2b should be associated
with a moving dislocation during plastic deformation of the
LPSO strengthening phase. It may be expected that a
fraction of the solute atoms within the Cottrell atmospheres
along dislocations in the LPSO matrix could be brought to
kink boundaries together with the moving dislocations. The
solute concentration within the Cottrell atmospheres in
deformed LPSO phase is estimated to be about 2.5 times of
that in the bulk LPSO, based on quantitative analyses of the
image brightness in combination with image simulations
[26]. Furthermore, a binding energy of about 0.05 eV is
derived between extra solutes in the Cottrell atmosphere
and the associated dislocation, based on the following
equation, C ¼ C0expðu=kTÞ [27], where C is the local
solute concentration in atmospheres, C0 is the solute con-
centration in bulk LPSO, k is Boltzmann’s constant, T is
the deformation temperature, and u is the binding energy
between the dislocation and the excess solute atom. The
formation of Cottrell atmospheres along dislocations in
LPSO phases should play a role in strengthening the alloy,
since it increases the energy barrier for dislocation motion
in LPSO during deformation.

Fig. 2 a Atomic resolution HAADF-STEM image showing enhanced
brightness at a kink boundary with a tilt angle of about 6.5° in a
deformed Mg97Zn1Y2 sample. b One isolated basal 60° <a> dislocation

observed in deformed LPSO phase within the Mg97Zn1Y2 alloy. The
images were recorded with the electron beam parallel to the zone axis
of \11�20[ . Symbols ‘⊥’ indicate basal 60° <a> dislocations
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Basal Slip, Suzuki Segregation and Cottrell
Atmospheres in Mg Matrix

Plastic deformation through dislocation motion also took
place in the Mg matrix in both alloys, besides activation of
basal slip systems in LPSO strengthening phases, since the
Mg matrix is softer [22]. Figure 3 is a typical high resolution
HAADF-STEM image recorded from the Mg matrix in a
deformed Mg97Zn1Gd2 sample with a strain of 8.0%,
showing a dissociated basal <a> dislocation and occurrence
of Suzuki segregation at the SF [28]. This kind of
nanometer-sized SFs are present widely in hot deformed
samples of Mg97Zn1Y2 and Mg97Zn1Gd2. Nanometer-sized
SFs were not observed in both as-cast Mg97Zn1Y2 and
Mg97Zn1Gd2 treated at 500 °C, since most SFs spread over
whole grains, as shown in Fig. 1a. Therefore,
nanometer-sized SFs like that shown in Fig. 3 were pro-
duced by dissociation of moving dislocations during hot
compression of both alloys. Occurrence of Suzuki segrega-
tion increases resistance to glide, and hence has contribution
to strengthening the alloys [28]. In addition, it is seen that
there are some atomic columns within in the tension region
of the 30° partial showing brightness higher than those in the
surrounding matrix, demonstrating the formation of Cottrell
atmospheres.

Pyramidal Slip and Formation of GBs Composed
of <c+a> Dislocations in Mg Matrix

Isolated <c+a> dislocations in Mg matrix of Mg–Zn–RE
alloys were reported previously [17–20]. Interestingly, we
also observed GBs formed by <c+a> dislocations with either
extended or relatively compact cores in plastically deformed
samples of Mg97Zn1Y2, as shown in Fig. 4. Shown in
Fig. 4a is a GB with a tilt misorientation angle of about 9.5°
between basal planes of Mg lattice on both sides. Close
analyses of closure failure of Burgers circuits indicate

presence of <c+a60> dislocations with slightly dissociated
core structures at this low angle GB, as shown in Fig. 4a.
These <c+a60> dislocations dissociated slightly on non-basal
planes, forming pairs of partials.

Figure 4b shows an atomic resolution HAADF-STEM
image recorded from another region in Mg grains within the
deformed Mg97Zn1Y2 sample. These defects are narrow
five-layer basal SFs, as indicated by a white bar. The closure
failure indicates that these five-layer basal SFs are associated
with dislocations with a <c> component, as indicated by the
arrow in Fig. 4b. The formation of five-layer deformation
SFs on basal planes in Mg is due to dissociation of <c+a>
dislocations with a screw <a> component, according to our
previous studies [28]. The observation of GBs composed of
<c+a> dislocations is a clear evidence for the activation of
pyramidal slip and long-range motion of of <c+a> disloca-
tions. Additionally, many SFs in Mg grains were found
being cut by <c+a> dislocations. The activation and long
range motion of <c+a> dislocations, on the one hand,
requires higher applied stress, on the other hand, provides
enough slip systems for homogeneous plastic deformation of
the alloy. Therefore, it is believed that <c+a> dislocations
play an important role in excellent mechanical properties of
Mg–Zn–RE alloys.

Sliding and Migration of GBs

Rearrangement of dislocations in deformed alloys may lead
to the formation of GBs, as shown in Fig. 2a. Those newly
formed GBs may serve as obstacles for dislocation motion,
strengthening the materials. With further increase in plastic
strain, it can be expected that newly formed GBs may be
activated to move driven by the applied stress or through
interaction with dislocations arriving at the GBs. Figure 5
shows images of tilt GBs formed during hot deformation,
and their sliding and migration observed in Mg97Zn1Y2

samples with a plastic strain of 40%. Solute-rich sub-layers
on both sides of the tilt GB in Fig. 5a have a rigid-body
translation along the GB, as indicated by the white steps,
demonstrating occurrence of GB sliding during plastic
deformation. The steps in the upper region are 2-basal-layer
high, but the ones in the bottom region contain 3 basal
layers; and there is an extra basal plane in the left grain, as
indicated by an arrow. So, the GB sliding should be
achieved through movement of non-basal dislocations with a
1=2h0001i component [29]. GB sliding can thus provide
deformation along c-axis, which is beneficial for homoge-
neous plastic deformation of polycrystalline HCP alloys.

Figure 5b shows a high resolution HAADF-STEM image
for a tilt GB with a deflection, indicating the occurrence of
GB migration. No change in misorientation angle is
observed along the GB. There is a relative translation of

Fig. 3 High resolution HAADF-STEM image showing dissociation of
a basal 60° <a> dislocation and associated solute segregation observed
widely in Mg grains within the Mg97Zn1Gd2 alloy deformed to a final
strain of 8.0% at a strain rate of 2 � 10−4 s−1 at 300 °C
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Fig. 4 High resolution HAADF-STEM images showing formation of low-angle GBs with dissociated <c+a> dislocations in deformed
Mg97Zn1Y2 samples. The <a> components are 60° basal dislocations and a screw dislocations in (a) and (b), respectively

Fig. 5 High resolution HAADF-STEM images recorded along h1120i direction, showing GBs in Mg97Zn1Y2 samples deformed to a strain of
about 40%. a GB sliding, b GB migration, c simultaneous sliding and migration of GB
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eight basal layers between SFs on both sides of the deflected
part of the GB. However, there are both 48 basal planes
between the deflection point and the upper SFs on both sides
of the GB, as indicated by the double-arrowed lines, so no
rigid-body GB sliding occurred. Migration of this GB should
be achieved through glide of GB dislocations under the
applied stress. Migration of GBs could also be associated
with interactions between the GBs and <c+a> dislocations
[29, 30].

Figure 5c is an atomic resolution HAADF-STEM image
for another GB with a deflection in deformed Mg97Zn1Y2

samples. The amounts of basal layers on both sided of the
migrated GB are not equal within the region indicated by
double-arrowed region, which is different from the case of
simple GB migration shown in Fig. 5b. Therefore, it is most
likely that GB sliding also occurred, besides migration. GB
sliding itself would lead to local stress concentration at triple
points or other obstructions along the GB [31]. GB migra-
tion also plays a role in eliminating the stress concentration
caused by GB sliding at triple points as well as other
obstructions along the GB, which may retard cracking at
GBs [31]. Therefore, the observed GB migration is also
believed important for the ductility of Mg alloys, since it can
reduce local stress concentration.

Conclusion

In summary, we studied dislocations and their interactions
with other crystal defects in two Mg alloys with RE addition.
<a> and <c+a> dislocations were activated during hot
deformation in both alloys. Besides tilt GBs formed through
rearrangement of basal <a> dislocations, low-angle GBs
composed of <c+a> dislocations with either extended or
relatively compacted cores were observed in deformed
samples. The occurrence of long-range motion of <c+a>
dislocations should play an important role in ductility of this
kind of Mg alloys. Local solute segregation, in the form of
Cottrell atmospheres or/and Suzuki segregation, was
observed in LPSO strengthening phases or Mg matrix of
deformed samples. The solute atmospheres may have higher
pinning effects on dislocations compared with randomly
distributed individual solute atoms, which can play a role in
improving the strength of the alloys. Additionally, both
sliding and migration of newly formed GBs occurred, which
should also have contribution to ductility of the alloys.
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Microstructure, Mechanical Properties
and Deformation Behavior of
Mg–Gd–Zn Alloy

K. Li, V. S. Y. Injeti, P. Trivedi, and R. D. K. Misra

Abstract
We describe here the microstructure, mechanical proper-
ties and deformation behavior of an ultrafine-grained
(UFG) Gd and Zn-containing magnesium alloy that was
characterized by high strength-high ductility combination.
The deformation behavior was studied by nanoindenta-
tion and post-mortem electron microscopy analysis of the
deformed region. The behavior is compared with low
strength-low ductility coarse-grained (CG) counter-
part. Extensive dislocation slip was an active deformation
mechanism in the UFG alloy, while in contrast, mechan-
ical twinning occurred in the CG alloy. We attribute these
observed differences in the deformation mechanism to the
grain size effect.

Keywords
Ultrafine-grained � Deformation � Structure,
magnesium-rare earth alloy

Introduction

Magnesium and its alloys are characterized by high specific
strength and specific stiffness [1–3]. However, their practical
usage is restricted because of their hexagonal close-packed
(HCP) structure with limited slip systems. This characteristic
renders Mg alloys difficult to plastically deform at ambient
temperature. The strength of Mg-rare earth (RE) alloys can
be enhanced via precipitation strengthening. Refinement of
grain size is another method that increases the strength of
metal and alloys. Recently, ultrafine-grained (UFG) structure
was obtained by us in a Mg–2Zn–2Gd alloy that was

intriguingly characterized by high strength-high ductility
through an approach involving annealing and multiaxial
forging (MAF). The processing details of the multiaxially
forged alloy are described elsewhere [1, 4]. The objective
here is to describe the relationship between grain size and
deformation mechanism in Mg–2Zn–2Gd alloy.

Experiments

The as-cast alloy + annealed alloy and multiaxially forged
(MAF) alloy samples were cut into specimens of 5 mm
5 mm � 5 mm dimensions and metallography polished to
mirror finish, followed by etching for *2 min using a
solution consisting of 8 g picric acid, 5 ml acetic acid, 10 ml
distilled water, and 100 ml ethanol. Electron microscopy
(Hitachi H-9500) was carried out at 300 kV using 3 mm
disks, electropolished in a solution containing 3% perchloric
acid in ethanol.

To study the deformation mechanism, nanoindentation
experiments were carried out at a constant loading rate of
2 lN/s, with maximum load set to 0.5 mN using a Berkovich
three-sided pyramidal diamond indenter that had a nominal
angle of 65.3° and indenter diameter of 20 nm. An array of
indents of matrix 10 � 10 was made with the indent gap of
10 lm. After the indentation experiments, the disk were
electropolished from the side opposite to the indented surface.
This procedure enabled the indents to be examined by TEM,
as described previously [1, 5]. Tensile properties were mea-
sured at room temperature at a strain rate of 2 � 10−3 s−1.

Results and Discussion

The microstructure of the as-cast + annealed and
as-cast + annealed + MAF alloy is presented in Fig. 1.
During annealing, as expected, grain growth took place and
the grain size was increased from 25 µm in the as-cast alloy to
44 ± 5 µm in the annealed alloy [1]. But after multiaxial
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forging (MAF), the grain size of the annealed alloy was
dramatically refined to 416 ± 140 nm. We refer as-cast +
annealed alloy as coarse-grained (CG) alloy (average grain
size *44 ± 5 µm) and multiaxially forged (MAF) alloy as
UFG alloy (average grain size *416 ± 140 nm) [1]. The
morphology and precipitates present in the a-Mg matrix are
illustrated in Fig. 1c,d. The precipitates in the a-Mg matrix
were *50–80 nm in diameter and were characterized to be
Mg3Zn3Gdwith orientation relationship of 2�201ð Þ �12�16½ �a�Mg

== 220ð Þ �111½ �Mg3Zn3Gd
; from the analysis of the diffraction

pattern.
The mechanical properties of CG and UFG alloys are

listed in Table 1. The UFG alloy had yield strength of
227 MPa, and elongation of 30%. These properties are
excellent for the lean Mg–2Zn–2Gd alloy.

Post-mortem TEM analysis of plastically deformed
region surrounding the indentation for UFG and CG Mg–
2Zn–2Gd alloy are presented in Figs. 2 and 3, respectively.
In the UFG alloy, there was appreciate activity in *60% of
the grains. There were high density of dislocations in the
UFG alloy. The dislocation activity was characteristic of
1=3\1123[ pyramidal slip system, observed in the
two-beam condition of g = [0002]. 1/3 \1120[ basal slip
system was not observed in this condition. The observation
of <c+a> dislocation slip alters the active deformation mode
on the pyramidal planes in Mg–2Zn–2Gd alloy [1].

Figure 2 shows an intriguing illustration of dislocation
structure associated with nanoindentation (Fig. 2a-top right
corner). The indented grain was out of contrast in the TEM
imaging, but the dark grain in Fig. 2a showed a very high
dislocation activity (which is reverted to a bright grain in the
dark-field image in Fig. 2b using the [0002] operating
reflection in the SAED pattern of Fig. 2c [1]. In the bottom
left grain in Fig. 2a, dislocation profiles (zones 3A, 3B) are
shown being emitted from the grain boundary, while the
overall dislocation density in this grain is significantly low
compared to that in the central (dark) grain in Fig. 2a. We
envisage that the logical sequence of events would have a
very large number of dislocations emitted by the nanoin-
dentor in Fig. 2a. This would create a high density of dis-
location pile-ups against the upper grain boundary, and
emitting a high density of similar dislocation profiles in the
dark grain. These profiles act as pile-ups against the opposite
(lower) grain boundary, and activate only two sources which
emit dislocation profiles shown at 3A and 3B in Fig. 2a; as
an indication of only minimal residual stress (or strain) at the
lower grain boundary [1].

In striking comparison to the UFG alloy, 10�11f g
nanoscale twinning was an active deformation mechanism in
the CG alloy. But the frequency of observation of twinning
was less at *15% of all grains. Examples of twinning are
presented in Fig. 3 [1]. From the analysis of diffraction

Fig. 1 a Microstructure of
as-cast + annealed alloy
coarse-grained (CG) alloy and
b microstructure of
as-cast + annealed + multiaxially
forged ultrafine-grained (UFG)
Mg–2Zn–2Gd alloy (b). c TEM
micrograph illustrating
Mg3Zn3Gd precipitates in a–Mg
matrix that were confirmed by
(d) electron diffraction pattern [1]
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pattern (Fig. 3a (i), (ii)), the twin was f1101g\0112[ and
belongs to the family of f1011g\1012[ compression
twinning, in line with previous work on CG Mg alloys [6, 7].

Twins during deformation accommodate the applied
strain. Studies on 100 µm grain size Mg–Li, Mg–Zn, Mg–Al
alloys at a strain rate of 1/s suggested that rapid strain
hardening took place because of twinning. This was a

consequence of activation of <c+a> dislocations and inter-
actions between dislocations and twin boundaries [1].

We can conclude from Figs. 2 and 3 that there was a
change of deformation mechanism from twinning in the CG
alloy to extensive dislocation activity in the UFG alloy. This
suggests grain size effect, where twinning is suppressed in
the UFG Mg–RE alloy. This is in agreement with the recent

Table 1 Average grain size and
mechanical properties of CG and
UFG Mg–2Zn–2Gd alloys [1]

Property Coarse-grained (CG) alloy Ultrafine-grained (UFG) alloy

Grain size 44 ± 5 µm 416 ± 140 nm

YS (MPa) 46 227

UTS (MPa) 70 272

% Elongation 7 30

Fig. 2 a Bright field and b dark field TEM images showing high
density of dislocations in the plastic zone surrounding the indentation in
ultrafine-grained (UFG) Mg–2Zn–2Gd alloy. Zones 1 and 2 have high
density of dislocations and zones 3A and 3B illustrate dislocations

emitted by the grain boundary. c Selected area electron diffraction
pattern for grain in (a) and (b) showing [0002] showing operating
reflection [1]

Fig. 3 a TEM images of the plastically deformed zone surrounding
the indentation, illustrating twinning in the CG Mg–2Zn–2Gd alloy and
the diffraction pattern. b Second illustration of twinning in the CG
alloy. From the diffraction pattern, the twin 1�101f g\0�112[ belongs

to the family of 10�11f g\10�112[ compression twin. a(i) and a(ii)
show original and enlarged (and indexed) selected area electron
diffraction pattern for (a) [1]
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study of Tsai and Chang [8] in Mg–Al–Zn alloy, and the
work of Kumar et al. [9, 10] in hcp crystals. The present
study underscores that grain refinement and nanometer-sized
precipitates in the UFG multiaxially forged alloy contributed
to high ductility in the high strength Mg–2Zn–2Gd alloy [1].

Modified Peierls potential [1, 11, 12] and/or change in
stacking fault energy [1, 12–14] can be also considered to be
responsible for enhanced activity on non-basal planes in the
UFG alloy. The Peierls potential is defined as the energy
required to move a dislocation from one stable position to
the next [1, 12]. But Peierls potential is affected only to a
small extent for activation of partial dislocations and twin-
ning, hence this aspect is debatable. One can also suggest
other reasons that contributed to the high ductility of UFG
alloy. Literature suggests that stacking fault energy
(SFE) increases with decrease in grain size because the
dissociation of triple dislocation nodes diminishes with
decrease in grain size [1, 15]. But SFE is only affected by the
chemical composition and not by grain size, because grain
boundaries have no role in ab-initio models for SFE. Thus,
we cannot consider that SFE changes with grain size.

It is clear from the observations presented in Figs. 2 and 3
that the change in the deformation from twinning in the CG
alloy to high dislocation activity in the UFG alloy, is a grain
size effect and there must be a critical grain size at which the
deformation mechanism changes from twinning to disloca-
tion slip. This may involve change in activation volume [1].

The activation volume V*, given by [16, 17]:

V� ¼
ffiffiffi

3
p

� kT @ln_e
@r

� �

¼ 3
ffiffiffi

3
p � kT
mH

ð1Þ

where k is Boltzmann’s constant, T is the temperature and
m is the strain-rate sensitivity. Using Ref. [17], the activation
volume of CG and UFG Mg–RE alloys is 45–105b3 and
25–81b3, respectively, and are different. Therefore, the
activation volume V* may be a factor that impacts the de-
formation mechanism in Mg–2Zn–2Gd alloys with different
grain size [1]. It is proposed that the deformation mechanism
of Mg-rare earth alloys with different grain size might be
related to the plastic zone surrounding the nanoindentation
(which is *5 or 20 lm for the quasi-static and dynamic
indentations, respectively). The critical grain size, dcri, at
which the dominant deformation mechanism changes from
twinning to dislocation slip [1] can be estimated by [18]:

dcri ¼ 0:15lnZ � 12:2
73� 3:8lnZ

� �

ð2Þ

where the Z-parameter equals _e� exp Q/RTð Þ. Q is the
apparent activation energy for lattice diffusion in Mg, and _e
is expressed as a creep power-law for the low applied stress
of nanoindentation [19, 20]:

_e ¼ A
r
G

� �n
D0exp

�Q

RT

� �

ð3Þ

where A is a constant, n value is the dislocation climb
(=4–10 for magnesium) and G is the shear modulus. The
critical grain size for Mg–RE alloy at room temperature is
*4 lm [21]. When the grain size is finer than the critical
grain size, the deformation mechanism is dislocation slip,
while the deformation mechanism alters to twinning, when
the grain size is greater than the critical grain size [1]. The
grain size of UFG alloy was 416 ± 140 nm, which is
smaller than the plastic zone size, while the grain size of CG
alloy was significantly larger at 44 ± 5 lm. Thus, the UFG
alloy showed multiple dislocation slip because of the need
for compatibility near the grain boundaries. In the CG alloy,
deformation twinning compensated for the lack of disloca-
tion slip [1]. But less frequency of twinning in the CG alloy
suggests reduced tensile elongation of *7% in comparison
to the high elongation of *30% in the UFG alloy. The UFG
alloy with large number of grain boundaries promoted
dislocation slip [1].

Conclusions

The deformation mechanism of UFG Mg–2Zn–2Gd alloy
with high strength-high ductility combination was different
from the CG counterpart, and is related to the grain size
effect. In UFG alloy, extensive dislocation slip contributed
high ductility, whereas the extent of twinning dictated duc-
tility in the CG alloy.
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Twin-Slip Interaction at Low Stress Stage
Deformation in an AZ31 Mg Alloy

Peng Chen, Bin Li, Duke Culbertson, and Yanyao Jiang

Abstract
Extruded magnesium alloys with strong basal texture
present tension and compression asymmetry. Dislocation
slip dominates plastic deformation during tension along
the extrusion direction (ED), whereas twinning is the
main contributor to plastic strain when compressed along
the ED. In this work, an extruded AZ31 Mg alloy was
prestrained by tension along the ED to 5 and 10% of total
strain, followed by compression, in order to investigate
twin-slip interaction. The results show that the yield stress
in compression only slightly increases with increasing
prestrain. Notably, the hardening rate at the low stress
stage during compression remains almost unchanged,
compared to specimens without prestrain. Our results
suggest that the contribution of twin-slip interaction to
hardening is negligible in deformation of Mg alloys.

Keywords
Magnesium alloy � Prestrain � Twin-slip interaction
Work hardening

Introduction

Deformation twinning and dislocation slip are two important
modes during plastic deformation in hexagonal-close-packed
(hcp) metals. Especially, the 1012

� �
1011 twinning mode is

the most prevalent twinning mode in hcp metals [1–4]. The

favorable stress state for the 1012
� �

extension twinning can
be achieved by tension along c-axis or compression per-
pendicular to c-axis. In situ neutron diffraction [5–8], in situ
X-ray diffraction [9] as well as acoustic emission [6, 10]
studies on early stage of plastic deformation in Mg alloys
reveal that 1012

� �
extension twinning accounts for a major

portion of the plastic deformation. Recent measurement of
contribution of 1012

� �
twinning to plastic strain in an

extruded Mg alloy also indicated that *90% of the plastic
strain comes from 1012

� �
twining during low stress stage

deformation [11]. Extruded Mg alloys with strong basal
texture exhibit tension-compression asymmetry. Yield stress
and strain hardening behavior are largely dependent on the
dominant mechanism of plastic deformation. During tension
along the extrusion direction (ED), dislocation slip domi-
nates plastic deformation. However, when compressed along
the ED, 1012

� �
twinning is the main contributor during

early stage of plastic deformation in Mg alloys. Thus, the
yield strength under ED compression is lower than that
under ED tension. Also, the strain hardening rate is higher
during ED tension compared with ED compression.

A number of researchers investigated the influence of
prestrain on flow curve and work hardening behavior [12–
16]. Slip-slip [17–20], twin-twin [21–23] and slip-twin
interactions [24–27] during deformation were studied. The
slip-slip interaction take place during plastic flow, especially
when it is accomplished by dislocation glide on multiple slip
systems. The interaction generally gives rise to a reduction
in mobile dislocations, thus promoting work hardening [28].
The sub-grains resulted from twinning and twin-twin inter-
action also provide a strengthening mechanism, which is
attributed to the dynamic Hall-Petch effect [29]. The
twin-slip interaction is a more complex mechanism and still
not well understood. Serra et al. [30] considered
twin-dislocation interaction as an important hardening
mechanism because twin boundaries hinder subsequent slip
and twinning deformation. Proust et al. [31] proposed that
during the preloading, <a> and <c+a> dislocations are
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introduced. These dislocations may act as barriers to twin
nucleation or/and twin propagation. El Kadiri and Oppedal
[32] developed dislocation transmutation theory, which
hypothesizes that dislocations inside parent are incorporated
and transmuted into immobile defects in twins, promoting
latent hardening. Some researchers suggest when lattice
dislocations meet with a twin boundary, dislocation disso-
ciation will occur, which is also a mechanism for enlarging
or shrinking the twin domain [33].

The current work aims to investigate twin-slip interaction
by taking the advantage that slip and twinning dominated
deformation can be activated separately by controlling the
loading direction on extruded specimens. By pre-tension of
extruded specimens to various levels of plastic strain, dis-
locations of different density are first introduced. Then the
deformation is changed to compression such that twinning is
activated. As such, twin-slip interaction and its contribution
to strain hardening can be studied without ambiguity.

Experimental Method

An extruded, commercially obtained AZ31B Mg alloy was
used for the current investigation. The circular extruded bar
had a diameter of 38.1 mm. Dog-bone specimens were
machined from the extruded bar with the gage section along
the extrusion direction. The specimens had a gage length of
13.0 mm and gage diameter of 9.0 mm. An Instron load
frame with a loading capacity of 25 kN was used to conduct
the experiments. The specimens were carefully aligned to
avoid triggering early buckling. Lubrication was applied
between the moving surfaces. The extruded AZ31 Mg alloy
was first prestrained by tension along the ED to 5 and 10%
of total strain, respectively, followed by consecutive com-
pression along the ED. The reason we did not pre-tensile the
specimen to higher strain levels lies in that the fracture strain
is approximately 12% for the material under tension. The

mechanical experiments were conducted in strain-control
mode at a strain rate of 8� 10�4 at ambient temperature.

For electron backscatter diffraction (EBSD) scans,
cylindrical specimens with a thickness of 5 mm were sec-
tioned in the middle of the gage section perpendicular to the
ED. The specimens were ground mechanically down to
1200/4000 grit number on SiC sand papers, followed by
electrochemical polishing with a solution of 5% nitric acid,
0.5% perchloric acid and 94.5% ethanol at 20 V for *20 s.
EBSD scans were conducted on a JEOL 7100F field emis-
sion scanning electron microscope (SEM) with an
Oxford HKL Channel 5 instrument. An acceleration voltage
of 20 kV and a working distance of 25 mm were used. For
better statistics and analysis of the twinning behavior, at least
three different regions were scanned by EBSD with a step
size ranging from 0.5 to 1 µm for each companion specimen.
All the EBSD scans were performed on a cross-section
perpendicular to the ED or the loading axis.

Results and Discussion

The initial grain structure and the texture of the as-extruded
specimens are shown in Fig. 1a, b, respectively. The
as-received AZ31B presents a typical rod-texture in which
the (0001) basal pole is nearly perpendicular to the ED, and
the 1010

� �
pole presents a strong intensity along the ED.

Intensity peaks appear at *4 and 10 o’clock positions in
(0001) PF in Fig. 1b, which is likely due to the inhomo-
geneity in microstructure and the region for EBSD scan off
the center of the extruded bar.

The stress-strain curves for 5% prestrain and 10% pre-
strain are displayed in Fig. 2. Firstly, we prestrained the
specimens to 5% and 10% total strain in tension, then sub-
jected the specimens to compression. The red dots denote
strain levels at which the compression was interrupted and
EBSD scans were performed on the specimens. The

Fig. 1 Initial texture of
as-extruded AZ31 alloy. The
scanned surface is perpendicular
to the ED. a Inverse pole figure
(IPF) map. b Pole figures. The
basal plane is mostly parallel to
the ED, which is a typical
rod-texture in extruded Mg alloys

194 P. Chen et al.



influence of prestrain on the compression behavior is shown
in Fig. 3 which compares the stress-strain curves for 0% (i.e.
monotonic compression), 5 and 10% prestrains.

Several important features can be noted in Fig. 3. First,
the yield stresses in compression of the prestrained speci-
mens are slightly higher than the specimen without prestrain.
As the prestrain increases, the yield stress in compression
slightly increases. In our most recent measurements of twin
volume fraction at low stress stage compression of extruded
AZ31 specimens [11], we observed that at plastic strain
*0.25%, deformation twinning has already been activated
but with a low volume fraction. The main contributor to
plastic strain is dislocation slip. But the twin volume fraction
rapidly increases as the strain increases. During the low
stress stage deformation, twinning accounts for 80–90%
contribution to the plastic strain. Thus, the increase in yield
stress in Fig. 3 can be attributed to the hardening effect of
the pre-existing dislocations generated in prestraining.

Second and most interestingly, it can be observed that the
hardening behavior during the low stress stage deformation
remains almost identical. Figure 4 plots the hardening rate
in the three scenarios. The difference between the
zero-prestrain, 5% prestrain and 10% prestrain specimens is
obvious. The prestrained specimens present slightly lower
hardening rates if compared to the un-prestrained specimen.
This raises a question as to what a role twin-slip interaction
plays in the hardening. Twin-slip interaction has been con-
sidered as an important contributor to the increase in hard-
ening rate during twinning and after twinning [13, 30, 34,
35]. Dynamic Hall-Petch effect [36–38] has been proposed
as one of the mechanisms that contributes to strain hard-
ening when twinning is activated along with dislocation
slip. Twin boundaries act as new grain boundaries that
reduce the effective grain size and the mean free path of
dislocations. However, our experimental results indicate that
the contribution of twin-slip interaction to the hardening is
negligible.

The EBSD results in Fig. 5 show the evolution of
extension twins of the specimens with and without prestrain.
In the zero-prestrain specimen (Fig. 5a), which is under
monotonic compression at low stress stage of plastic
deformation in an extruded Mg alloy [11], 1012

� �
twinning

is activated at very early stage of plastic deformation, the
density of twins increases rapidly with increasing strain. The
specimen with 5% prestrain (Fig. 5b) presents a similar
trend: as the plastic strain increases, the twin volume fraction
increases. However, for the 10% prestrained specimen,
substantial difference in twinning behavior upon subsequent
tension was observed, that is, twin nucleation is retarded by
the pre-introduced dislocations. It can be observed that at
ep = 1.22% (Fig. 5c), twins with a very low density are
activated. However, after nucleation, the twin volume

Fig. 2 Stress-strain curves of monotonic compression (thin solid line),
5% pre-strained (solid line) specimen and 10% pre-strained (dash line)
specimen. The red dots denote strain levels at which the compression
was interrupted for EBSD analysis

Fig. 3 Comparison of stress-strain curves for 0% (monotonic com-
pression), 5 and 10% prestrain. The yield stress under compression only
slightly increases with increasing pre-strain. However, the hardening
rate at the low stress stage during compression remains almost the same

Fig. 4 The strain hardening rate as a function of true strain during
compression along the ED. After yielding, the strain hardening rates
present the lowest value which is attributed to the twin nucleation. It is
worth noting that the prestrained specimens present lower hardening
rate than monotonic compression (0% prestrain)
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fraction rapidly increases as does in the zero-prestrain and
the 5% prestrain specimens. Mahajan [39] reported that
prestraining of iron prior to shock-loading inhibits the for-
mation of shock twins, there are a lot of mobile dislocations,
fewer twins are required to accommodate plastic strain.
Boucher and Christian [40] studied the influence of prestrain
on deformation twinning in niobium single crystals, it is
found that prestrain is effective in suppressing twinning at

temperatures down to 77 K. These dislocations induced by
prestrain may increase the energy barriers for twin nucle-
ation. This would explain the increase of the stress corre-
sponding to the onset of twinning with increasing prestrain.
Since conventional EBSD is unable to resolve dislocation
type and density, transmission electron microscopy
(TEM) and computer simulations are needed to reveal how
twinning interacts with slip in our future work.

Fig. 5 Inverse pole figure (IPF) maps at selected plastic strain levels
for: a 0% pre-strain (monotonic compression); b 5% pre-strain; c 10%
pre-strain. Compared with 5% pre-strain and monotonic compression,

the number of twins is less at the early stage (ep < 2.18%). Obviously,
twin nucleation is impeded under 10% pre-strain
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Skrotzki [41] reported that in c-TiAl, one part of the
possible glide dislocations remains completely unaffected by
the twin interface when these dislocations come across twin
boundary. Zhu et al. [42] found that there is no energy change
(barrier) when 90° partial pass the twin boundary by
cross-slip in bcc metals. Hence, the twin boundary will not
necessarily act barriers for dislocation slip. Recently, Li and
Ma [43] showed that 1012

� �
twinning in Mg alloy is actually

mediated by atomic shuffling. A large deviation between the
actual twin boundaries and the theoretical 1012

� �
twinning

plane was also observed [44]. More recently, Li and Zhang
[45, 46] showed that the twinning shear of 1012

� �
1011mode

can only be zero because the twinning plane is not an
invariant plane and thus no shear deformation mediated by
twinning dislocations can occur on the twinning plane. These
new findings, along with our experimental observations, call
for reconsideration of the nature of twin-slip interaction inMg
alloys and other HCP metals. Computer simulations may be
needed to resolve the mechanisms.

Conclusion

By prestraining in tension of extruded AZ31B specimens,
we investigated twin-slip interaction during plastic defor-
mation. The results show that the yield stress in compression
only slightly increases with increasing prestrain. However,
the hardening rate at the low stress stage during compression
remains almost unchanged, indicating that the contribution
of twin-slip interaction to hardening is negligible in defor-
mation of Mg alloys.
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In Situ Neutron Diffraction and Acoustic
Emission During the Biaxial Loading of AZ31
Alloy

Jan Čapek, Tobias Panzner, Karl Sofinowski, Daria Drozdenko,
and Kristián Máthis

Abstract
The evolution of twinning in randomly textured magne-
sium alloy and rolled AZ31 alloy during biaxial mechan-
ical tests has been monitored using concurrent application
of acoustic emission and neutron diffraction methods. The
influence of the loading path on twinning is discussed in
detail. It is shown that the twinning is strongly sensitive to
the load path.

Keywords
Twinning � Biaxial testing � In situ methods

Introduction

Deformation mechanisms of magnesium alloys are an often
discussed topic of the scientific community in the last two
decades. It is a widely established fact that in addition to
basal slip, deformation twinning and non-basal slip play an
important role in plastic deformation. The contribution of
these mechanisms to plasticity significantly depends on
materials’ characteristics, such as the initial texture [1] and

grain size [2] as well as on the loading path. Among different
experimental techniques, the in-situ neutron diffraction
(ND) method has been successfully utilized for characteri-
zation of deformation mechanisms in hexagonal materials. It
has been shown that the integrated intensity of particular
reflections (parent and twin grain families) is sensitive to the
reorientation of the crystal lattice (e.g. due to twinning)
during the loading. Further, the activity of different slip
systems can be deduced from the evolution of the lattice
strains with the applied stress. Recently, another in-situ
method, the acoustic emission (AE) technique has been used
concurrently with neutron diffraction measurements [3, 4].
AE technique yields information on the dynamic processes
involved in plastic deformation of alloys, as e.g. deformation
twinning and dislocation glide. The advantage of both
methods is to obtain information from entire volume in real
time. Further, in the case of magnesium alloys they provide
complementary information: the AE is sensitive only to twin
nucleation, whereas neutron diffraction characterizes their
growth as well.

The combination of AE and ND measurement was used
by several authors and brought completely new information
about the deformation behavior of magnesium alloys during
the uniaxial loading. However, the multi-axial testing is also
important, since this method better simulate the in-service
conditions.

Experimental Methods

Rolled AZ31 with a grain size of 25� 10ð Þ lm and strong
basal texture (Fig. 1) was used for the experiments.

The biaxial tests were carried out at POLDI instrument
using cruciform specimens. The arms of the samples were
55 mm. The specimen was thinned in the middle in order to
ensure uniform deformation in this area. The deformation
tests were carried out at room temperature using a load frame
at a force control with a rate of 20 N/sec. In order to collect
the ND data, the tests were stopped for approx. 45 min. at
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predefined force levels. The schematic illustration of the
experimental setup is shown at Fig. 2.

The AE testing was performed using a Physical Acoustics
PCI-2 acquisition board and a broadband AE sensor from the
same company was mounted on the outside the gauge length
using vacuum grease and a pin. The AE was amplified by
40 dB in the frequency range 100–1200 kHz. The tests were
repeated in continuous mode without the ND acquisition in
order to collect the continuous AE data.

There are several challenges connected to the biaxial
testing. The evaluation of the stress state at the center of a
sample is not straightforward. The sample does not have
well-defined cross-section [5]. Moreover, the circular
thickness reduction at the center of specimen causes a
so-called “ring-effect”—by compressing the sample along
axis x we induce the tensile stress along the axis y [6]. Due to
this fact the “uniaxial” deformation does not have the radial
symmetry along the loading axis. Digital image correlation
(DIC) was used to measure the strain field of the sample.

Results

AZ31 samples had texture which enhanced twinning during
the compression along the x or y-axis. The Strain-Force
curves, measured during uniaxial compression along the x-
axis and equibiaxial compression, respectively are shown in
Fig. 3.

Detailed view on the deformation can be obtained by
separation of the strain into individual components (Fig. 4).
Figure 4a shows the results for the equibiaxial loading. The
dominant deformation component in this case is the elonga-
tion along the z-axis. At the same time the compressive strain
has arisen along the x and and y axes. Thus, the deformation
has similar character as a simple uniaxial tension along z-axis.

The results for uniaxial compression are shown at
Fig. 4b. The dominant deformation component is along x-
axis, i.e. it has the same sense as the loading axis. Never-
theless, the ring effect causes the tensile stress along the y-
axis. Moreover, the largest elongation is observed along the
z-axis. This effect can be elucidated by extension twinning.
During this mechanism the grains undergoing twinning
elongates along their crystallographic c-axis. In the partic-
ular case of our specimens, the majority of grains have their
c-axis parallel to the z-axis (Fig. 1). Thus, the observed
elongation along z-axis is comprehensible.

ex strain maps of the center area of the samples at the same
load level, 5.5 kN for the horizontal arms are shown in Fig. 5.
It is obvious that the deformation in the middle part, where
the sample was examined by the neutron beam, was uniform.

In order to reveal the active deformation mechanisms, AE
response was analyzed (Fig. 6). The count rate as a function
of applied force is shown at Fig. 6a. It is possible to observe,
that the AE activity is stronger for equibiaxial loading up to
the yield point than for the uniaxial loading. The equibiaxial
loading causes higher local stresses which leads to
microyielding. Around and after the yield point the AE is

Fig. 1 Pole figure of texture of rolled AZ31 sheet

Fig. 2 Schematic illustration of the experimental setup Fig. 3 Strain Force curve for uniaxial and equibiaxial loading of AZ31
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slightly higher for uniaxial deformation. The strain evolution
of cumulative counts is shown in Fig. 6b. It is obvious that
at the beginning of the deformation the cumulative counts
are higher for uniaxial deformation. Since the twin nucle-
ation is the main source of AE in magnesium, the results
suggest that twin nucleation is more pronounced for uniaxial
deformation and the nucleated twins are larger.

Since the ND data were collected from the direction of x-
axis, the change of the relative intensities of peaks related to

parent grains has to be evaluated with respect to the ex
(Fig. 7) [7]. The results show, that the twinned volume is
slightly higher for equibiaxial deformation. In our previous
work we highlighted, that during compression deformation
fewer twin variants are nucleated than that for tensile
deformation [8]. Since, as discussed above, tensile strains
have arisen during equibiaxial deformation, this results
indicate that the number of the nucleated twin variants are
also higher for this deformation path.

Fig. 4 Comparison of the
individual strain components to
the Mises strain. Red curve is
deformation along axis 1, Black
curve along the axis 2, Green
along the axis 3. Solid line
represent the compressive strain,
dashed line tensile strain. Gray
line symbolize 1:1 ratio

Fig. 5 DIC strain maps in the
horizontal direction recorded at
5.5 kN load on horizontal arm for
uniaxial and equibiaxial mode

Fig. 6 a count rate as a function
of applied force; b cumulative
counts as a function of Mises
Strain for uniaxial and equibiaxial
deformation
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Conclusions

Twinning has a strong effect on the deformation of the AZ31
specimens. The uniaxial deformation has a character of
compression along the loading axis and elongation along z-
axis, which is caused by twinning. The elongation along the
y-axis is much lower. The equibiaxial deformation has the
similar character as tensile deformation along z-axis.

The AE and ND results suggests that twin nucleation is
more pronounced for uniaxial deformation, but the twinned
volume is higher for equibiaxial loading.
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Acoustic Emission Study of High
Temperature Deformation of Mg–Zn–Y
Alloys with LPSO Phase

Klaudia Horváth, Daria Drozdenko, Kristián Máthis, Gerardo Garcés,
and Patrik Dobroň

Abstract
Magnesium alloys with different content of zinc (Zn) and
yttrium (Y) were extruded at an extrusion ratio of 18:1 at
350 °C. The alloying elements in both Mg alloys formed
a long period stacking ordered (LPSO) phase, which
during the extrusion process was elongated along the
extrusion direction (ED). The magnesium matrix has
bimodal character composed by fine dynamically recrys-
tallized (DRX-ed) grains and initial coarse grains elon-
gated along ED. Compression tests with concurrent
acoustic emission (AE) measurements were performed
along ED at 200, 300, and 400 °C. The deformation
mechanisms and the mechanical properties at 200 °C are
very similar to those obtained at ambient temperatures,
i.e. in the alloy with low volume fraction of the LPSO
phase (<10%) twinning controls the yielding, while in the
alloy with high volume fraction of the LPSO phase
(around 35%) dislocation slip and kink formation are
dominant. At 300 °C the reinforcing effect of the LPSO
phase is reduced and at 400 °C it is not effective anymore.

Keywords
Mg alloys � LPSO phase � High temperature
Mechanical properties � Acoustic emission

Introduction

Thanks to low density, high specific strength, and recycla-
bility of magnesium (Mg) alloys, they have a great potential
in replacing aluminum alloys and steel in engineering systems
[1]. The main limitation for their use is their poor corrosion
resistance, poor ductility at room temperature and degradation
of their mechanical properties with increasing temperature
(for example lower strength at temperatures above 200 °C
[2]). Recently, Mg alloys containing long-period stacking
ordered (LPSO) phase received a lot of interest due to their
excellent mechanical properties [3–5]. The LPSO phase is
formed in the Mg–Y–Zn alloy when the atomic ratio of Y/Zn
is 2:1. The Y and Zn atoms are placed periodically in the Mg
basal planes and they form an ordered structure [6].

It was shown that the presence of the LPSO phase
increases the critical resolved shear stress (CRSS) of the
basal slip [7]. Thus, activation of non-basal slip systems in
the Mg matrix is required. Usually, during the extrusion
process, texture with basal planes oriented parallel to the
extrusion direction (ED) is formed. During compression
along ED, such a texture promotes the nucleation of (10–12)
extension twins [8–10]. On the other hand, it was shown in
[11, 12] that in the regions with high density of the LPSO
phase the twin nucleation and growth is suppressed. The
main deformation mode of the LPSO phase when the load-
ing direction is aligned with the LPSO fibers is kinking [4].
Since the LPSO phase has higher hardness and Young’s
modulus than the Mg matrix, the presence of the LPSO
phase reinforces the alloy [13, 14]. According to Hagihara,
the LPSO phase strengthens the material via short-fiber
strengthening, similarly to composite materials [15].

The influence of the LPSO phase on the dynamic
recrystallization (DRX) was reported in [16, 17]. It seems
that the presence of 18R type LPSO phase increases the
temperature for the DRX [18]. Garcés et al. show that the
hardening due to the occurrence of the LPSO phase during
tensile tests is effective up to 523 K (250 °C) [19].
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The high temperature compressive behavior of Mg alloys
with the LPSO phase is not clear yet. In the present paper,
we applied acoustic emission (AE) technique in order to
monitor active deformation mechanisms. AE monitoring
gives real time information about the dynamic processes
during loading of the material. Its main advantage is an
excellent temporal resolution (few microseconds) and the
ability to characterize the entire sample volume. The study
focuses on the effect of the alloying elements content on the
high temperature deformation of Mg alloys with the LPSO
phase.

Experimental Methods

The WZ42 (Mg + 3.5 wt% Y + 1.6 wt% Zn, Mg98.5Y1Zn0.5
in at.%) and the WZ104 (Mg + 10 wt% Y + 3.7 wt% Zn,
Mg95.5Y3Zn1.5) magnesium alloys were cast in KITECH
(Korea). The cast billets were extrudedwith an extrusion speed
of 0.5 mm/s and an extrusion ratio of 18:1 at 350 °C in Centro
Nacional de Investigaciones Metalúrgicas (CENIM) Madrid.

The deformation tests were carried out using a universal
testing machine INSTRON® 5882 with a constant strain rate
of 10−3 s−1. The samples with a length of 12 mm and a
diameter of 8 mm were compressed along ED at 200, 300,
and 400 °C. Before deformation the samples were heated up
to the test temperature and held for 300 s to obtain an even
temperature distribution within the gauge volume.

The AE activity during deformation tests was monitored
by a computer-controlled MICRO-II system developed by
Physical Acoustics Corporation (PAC), which allows a
continuous storage of AE signals with a sampling frequency
of 2 MHz. A piezoelectric S9215 sensor (PAC) with a
maximum operating temperature of 540 °C was used. High
signal/noise ratio was ensured by using a 60 dB preampli-
fier. A threshold-level detection of the recorded AE signal
was performed to achieve a comprehensive set of AE
parameters. The threshold level was set as 24 dB.

Samples for microstructure investigation were cut from
the middle part of the longitudinal section of the extruded
bars. The sample surfaces were ground on SiC papers and
subsequently polished by diamond paste with particle size
decreasing to 0.25 lm. For the light microscopy observa-
tion, the polished surfaces were first etched with 5% Nital
for 5 s and then with a solution of 50 ml of ethanol, 9 ml of
water, 4 ml of acetic acid and 6 g of picric acid (98%) for
10 s.

Results

The as-extruded microstructures of the WZ42 and the
WZ104 alloys are presented in Fig. 1. In both alloys, the
microstructure consists of the initial coarse Mg grains,
DRX-ed Mg grains, and the LPSO phase. The coarse Mg
grains and the LPSO phase are elongated along ED. In the
magnified microstructure (Fig. 1b, d), the coarse grains are
marked by black arrows while the LPSO phase is indicated
by red arrows. The volume fraction of the LPSO phase is
significantly higher in the WZ104 alloy (35 ± 5)% com-
pared to the WZ42 alloy (7 ± 2)% [20]. The size of the
DRX-ed grains is (4.3 ± 0.3) µm and (2.4 ± 0.2) µm for
the WZ42 and the WZ104 alloys, respectively. For the cal-
culation of the grain size of the DRXed grains, grains
smaller than 10 µm were considered.

The true stress versus true strain compression curves at
200, 300, and 400 °C are shown in Fig. 2. With increasing
temperature, a gradual decrease in the yield stress and ulti-
mate compression stress (UCS) values can be observed.
Both the yield stress and the UCS are higher for the WZ104
alloy compared to the WZ42 alloy at 200 and 300 °C. The
differences in mechanical properties for the two alloys are
negligible at 400 °C. The yield stress of the WZ104 alloy
decreases from 320 MPa at 200 °C to 35 MPa at 400 °C.
These values for the WZ42 alloy are 212 and 44 MPa for
200 and 400 °C, respectively. The deformation curves at
200 °C have very different character. The WZ104 alloy
shows a typical dislocation dominated convex curve while
the shape of the WZ42 alloy has a concave S-shape. Nev-
ertheless, both alloys undergo a significant work hardening.
The WZ104 alloy deformed at 300 °C shows more or less a
steady state flow after the yield point around 240 MPa. The
WZ42 alloy at 300 °C still exhibits hardening but it is less
significant than at 200 °C. The softening starts around 20
and 18% of deformation at 300 °C for the WZ104 alloy and
for the WZ42 alloy, respectively. The deformation curves
are very similar to each other at 400 °C and they exhibit a
steady state flow at 36 MPa.

Figure 3 shows the AE response at 200 and 300 °C for
both alloys. During deformation at 400 °C, no AE signals
were detected. At 200 and 300 °C, AE signals appear from
the beginning of the test and the maximum of the AE count
rate in all cases corresponds to the yield point. Despite the
similar general trend, there are several differences in the AE
response of the specimens. At 200 °C, AE persists until the
end of the test for both alloys, but broader maximum is
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observed for the WZ104 alloy than for the WZ42 alloy. At
300 °C the maximum of AE count rate is reduced by two
orders of magnitude and fewer signals are detected.

Discussion

Previous studies already reported the effect of extrusion
speed and extrusion ratio on the microstructure of Mg alloys
with the LPSO phase [20, 21]. The bimodal microstructure
observed in both alloys is very probably the result of low
extrusion speed of 0.5 mm/s. As it was shown previously
[20], the increasing content of Y and Zn leads to an increase
in the volume fraction of the LPSO phase and reduces the
volume fraction of original coarse grains and the grain size
of the DRX-ed grains.

The reinforcing effect of the LPSO phase is clearly seen
on the deformation behavior of the WZ42 and WZ104 alloys

Fig. 1 The initial microstructure of the as-extruded Mg alloys: a and b microstructure of the WZ42 alloy; c and d microstructure of the
WZ104 alloy

Fig. 2 True stress true strain curves for the WZ42 and the
WZ104 alloys deformed at 200, 300, and 400 °C
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at 200 and 300 °C. It was previously reported that the
addition of Y and the formation of the LPSO phase could
effectively increase the difficulty of hot deformation [22]. At
200 °C, the deformation curves are very similar to those
obtained at room temperature [11]. The yield stress at
200 °C for both alloys decreases only by 40 MPa if com-
pared to the values measured at room temperature [11]. The
S-shaped deformation curve of the WZ42 alloy is a typical
sign of twinning activity. However, the presence of the
LPSO phase suppresses the twinning activity [11, 12]. This
reflects in the convex shape of the deformation curve of the
WZ104 alloy. Both alloys show a significant hardening after
the yield point which is the result of increasing number of
barriers for dislocation motion.

At 300 °C, the difference in the yield stress is lower
compared to that at 200 °C. It was reported that in the case
of tensile tests the LPSO phase loses its reinforcing effect at
523 K (250 °C) [19]. It is consistent with our result and
suggests that the difference in the yield stress could be linked
to different deformation modes. The deformation curve of
the WZ42 alloy still has a concave part which proposes that
twins could be activated. It was reported that above 200 °C

the CRSS for non-basal slip systems is reduced, what
decreases the importance of twinning [23, 24]. However, the
increase of the CRSS of basal slip in the presence of the
LPSO phase was also documented [7] and some twins can
possibly nucleate in the large initial grains well oriented for
extension twinning. The nucleation of twins in these grains
could be the reason for the lower yield stress of the WZ42
alloy than of the WZ104 alloy and be responsible for the
different work hardening. After reaching the peak stress of
the WZ42 alloy, a dynamical softening occurs. The defor-
mation curve of the WZ104 alloy reflects the mechanism of
hot deformation to some point. In the initial stage the flow
stress increased with increasing strain and then this
increasing trend decreases gradually. In contrast to the
WZ42 alloy, no significant softening occurred what can be
the result of higher Y content which causes a delay of the
DRX [22].

At 400 °C, the two alloys have very similar mechanical
properties. It seems that the volume fraction of the LPSO
phase has no effect on the deformation behavior of the alloys
at this temperature. After reaching the yield stress both
materials have a steady-state flow. The high elongation

Fig. 3 Compression test with a concurrent AE measurement of the WZ42 alloy at a 200 °C and at b 300 °C and that of the WZ104 alloy at
c 200 °C and at d 300 °C
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obtained at this temperature could be linked to grain
boundary sliding [19, 25].

The different deformation behavior of the alloys at
200 °C is reflected in the AE response, too. The maximum
in the AE count rate is very narrow in the WZ42 alloy, while
in the WZ104 alloy the count rate remains very high even
after the yield point. The sharp decrease of the AE count rate
after the yield point is usually linked to twinning activity.
Twin nucleation is an excellent source of AE, emitting large
amplitude signals, but their growth does not produce de-
tectable AE signal [26–28]. It means that the twin nucleation
at the yield point of the WZ42 alloy results in high AE count
rate and due to their growth the count rate is reduced above
the yield point. Since it does not drop to zero a massive
dislocation motion should be active [26, 27]. The AE signals
persist till the end of the test which supposes that the
deformation is accumulated by a slip of hundreds of dislo-
cation and by the kinking of the LPSO phase. Contrary, in
the WZ104 alloy the AE count rate does not fall even after
the yield point what proposes that the deformation is con-
trolled by dislocation slip, not by twinning. After the
decrease of the first maximum, another local peak in the AE
count rate is observed. These signals could be related to the
kink formation in the LPSO phase what is realized by an
avalanche-like motion of (0001) basal dislocations.

The amplitude of the AE count rate at 300 °C is reduced
by two orders of magnitude for both alloys compared to the
measurement at 200 °C. It is reasonable since the collective
dislocation motion is not very likely due to the easy acti-
vation of non-basal slip systems [23, 24].

Conclusions

The effect of the volume fraction of the LPSO phase on the
high temperature mechanical properties has been studied.
The following conclusion could be drawn:

• At 200 °C the LPSO phase successfully strengthens both
the WZ42 and the WZ104 alloy, and their mechanical
properties are comparable with those obtained at ambient
temperatures.

• At temperatures below 300 °C twinning controlled the
yield behavior in the WZ42 alloy with a low volume
fraction of the LPSO phase (<10%). In the WZ104
alloy with high volume fraction of the LPSO phase
(around 35%) dislocation slip and kink formation are
dominant.

• With increasing temperature, the reinforcing effect of the
LPSO phase decreased. At 400 °C mechanical properties
of two alloys are similar.
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Deformation and Recrystallization
Mechanisms and Their Influence
on the Microstructure Development
of Rare Earth Containing Magnesium Sheets
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Abstract
Many studies have shown that textures with less distinct
alignment of basal planes and the related improvement of
formability are found in alloys that contain rare-earth
(RE) elements and zinc. However, the effect of the
combination of these additional elements on the texture
modification has not been yet clearly understood. In this
work, sheet samples from Mg–Zn–RE alloys rolled at
400 °C were used for in situ synchrotron X-rays diffrac-
tion measurements under tensile loading at different
temperatures, in order to track the development of
diffraction profiles and textures during deformation. In
Mg–Zn–RE alloys, a significantly retardation of recovery
and dynamic recrystallization during the high temperature
deformation is observed in comparison to the RE-free
Mg–Zn alloy. The differences in the active deformation
mechanisms as well as the dynamic recrystallization
mechanisms are reviewed with respect to the texture
alteration. For discussion of the impact of different
mechanisms, EBSD observations reveal the microstruc-
ture development.

Keywords
Mg–Zn–RE alloy � Deformation � Recrystallization
mechanisms � In situ measurement � EBSD

Introduction

Conventional Mg-based sheet alloys such as AZ31, with
strong basal type textures, have been investigated in many
studies in order to evolve potential for the limited sheet
formability by restricted activities of slip systems. To
improve the formability of Mg sheet, it is required to
develop weaker textures, especially a less distinct align-
ment of basal planes parallel to the sheet plane. Texture
weakening has been revealed in Mg alloy containing
yttrium (Y), cerium (Ce), or neodymium (Nd), i.e. rare
earth (RE) elements, during rolling. It is reported that their
addition in binary Mg–RE or ternary Mg–Zn–RE alloys
contribute to higher accommodation of deformation by
active basal <a> slip [1–4]. Furthermore, several studies
have shown that texture weakening contributes to the acti-
vation of various deformation mechanisms, e.g. the for-
mation of different twin types, shear bands, and the
activation of <c+a> slip, which also leads to an improve-
ment of the formability [1, 5, 6]. However, it is also noted
that such a texture modification is caused by the same
various slip modes, shear bands, and different twin types
during sheet rolling [1, 2]. In the case of alloy ZE10,
varied texture developments could be achieved by only
small changes in the alloy composition and the application
of different processing methods [3, 7]. Such effects still
lack fundamental understanding and the effect of element
concentration changes needs to be related to the activity of
deformation and recrystallization mechanisms. Synchrotron
X-ray radiation with short exposure time by transmission
technique allows to analyze the properties of materials, as
well as microstructure information [8]. Electron backscatter
diffraction (EBSD) measurement allows the analysis of the
microstructure development [2, 5, 6, 9]. In this work, both
techniques are used to reveal the differences in the defor-
mation and recrystallization behavior on microstructure
development of two magnesium sheet alloys during tensile
deformation.
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Experimental Procedures

TwoMg alloys, Z2 and ZE21 as a RE containing counterpart,
were machined in form of slab for rolling experiment after
gravity casting of rectangular samples. The alloy composition
and the homogenization heat treatment prior to rolling are
listed in Table 1. A 50 ton laboratory rolling stand with cold
rolls was used for rolling plates. The geometry of rolling
slabs was 200 � 100 � 20 mm3. The rolling experiments
were conducted with increasing degree of deformation per
pass, 3 passes of 0.1 followed by 3 passes of 0.2 on Z2 and 4
passes of 0.1 followed by 3 passes 0.15 on ZE21. Different
rolling temperatures were applied, 400 °C for Z2 and 450 °C
for ZE21. After each rolling pass, the sheets were re-heated to
the rolling temperature for 15 min. The final gauge of the
sheets was comparable at 7.95 and 8.25 mm, respectively.
After rolling, the sheets were annealed with different
annealing conditions, in order to receive similar microstruc-
tures (Table 1), i.e. comparable grain sizes. The texture of the
annealed sheets was measured using a Panalytical X-ray
diffractometer and Cu Ka radiation. The (10.0) and (00.2)
pole figures were recalculated using a computer code MTEX
[10]. The microstructure was observed by using standard
metallographic sample preparation techniques and an etchant
based on picric acid [11].

A universal testing machine was installed at the High
Energy Material Science beamline, HEMS, P07B, at Petra III
(DESY, Hamburg). In this work, a hard X-ray beam (87 keV,
k = 0.1420 Å) was chosen with beam size of 0.5 � 0.5 mm2

and a sample detector distance of 1201 mm to investigate the
texture development and the diffraction profiles during tensile
testing. LaB6 powder has been used as standardization
material. Tensile tests were performed using round tensile
samples with 4 mm in diameter and 24 mm gauge length
along the rolling direction (RD), at 3 temperatures, room
temperature (R.T.), 100, and 200 °C. The initial strain rate
was 1 � 10−4/s. Texture measurement were repeated by
using a fast PerkinElmer XRD 1621 detector during tensile
loading at selected 5 points, 0.02, 0.05, 0.10, 0.15, and 0.20
strain. During texture measurements at R.T., the loading was
stopped at each measuring point for texture measurement. In
the case of measurement at 100 and 200 °C, the strain rate
was reduced to 2.9 � 10−5/s to minimize stress relaxation.
Sample rotation was applied for 105° in 3° steps for the

texture measurements. Debye-Scherrer patterns at each
measuring point were collected to reveal the (10.0), (00.2),
(10.1), (10.2), (11.0), and (10.3) reflections from the area
detector using software Fit2D [12]. The pole figures and
orientation distribution function (ODF) were recalculated
using open source software MTEX [10]. Furthermore, a
separate continuous experiment without stop or change in the
strain rate has been carried out in order to collect the devel-
opment of the diffraction profiles from in situ diffraction
profiles measurement. The initial strain rate was the same and
no sample rotation was applied, keeping the normal direction
(ND) of the sample parallel to the beam during loading. In
order to evaluate diffraction profiles, the collected
Debye-Scherrer patterns were integrated along loading
direction (LD) with a sector of 10°, using Fit2D. Figure 1
shows an exemplary Debye-Scherrer pattern. The integrated
Debye-Scherrer pattern allowed to reveal peak properties.
The measured Full-width at half maximum (FWHM) was
evaluated by using a modified Williamson-Hall plot
(WH-plot) after instrumental and thickness correction using
LaB6 powder [8]. The first 15 reflections were considered for
calculating the dislocation density. The modified WH-plot
uses the FWHM variation assuming that strain broadening is
caused by dislocation [13]. In the present investigation, the
following expression was used [8, 13]:

DK ffi c=D + pM2b2=2
� �1=2

q1=2K
ffiffiffiffi
C

p
+ OðK2CÞ,

where D is the coherently diffraction domain size, c equals to
0.9 when using FWHM in the analysis, q and b are the average
dislocation density and the length of the Burgers vector of
dislocations, respectively. DK = cosh D 2hð Þ½ �=k, where
D 2hð Þ equals FWHM of the diffraction peak. M is a disloca-
tion arrangement parameter depending on the effective outer
cut-off radius of dislocations. O is for a higher order term of
K2 C. C is a contrast factor of dislocations [8, 13]. A more
detailed introduction to the analysis can be found elsewhere
[8, 13, 14]. In the case of hexagonal crystals, the contrast
factor should be applied differently from cubic crystals
because the hexagonal crystal has different types of slip sys-
tem with different Burgers vectors. For the contrast factor of
dislocation for hexagonal crystals, see details in [15, 16].

EBSD observations for tensile sample were prepared by
electrochemical polishing using a StruersTM AC2 solution

Table 1 Chemical composition
in wt% and experimental
information of the examined
alloys

Alloy Zn (wt
%)

Ce Mg Homo-genization Final thickness
(mm)

Annealing
condition

Average grain
size (lm)

Z2 1.87 – Bal. 20 h at 400 °C 8.25 10 min. at
385 °C

33

ZE21 1.97 1.13 Bal. 16 h at 450 °C 7.95 20 min. at
350 °C

30
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at −25 °C. EBSD measurements were performed on the
deformed area after 0.20 strain of tensile samples using a
FE-SEM (Zeiss, Ultra 55), equipped with an EDAX™/TSL
EBSD system with a Hikari detector. An accelerating volt-
age of 15 kV was applied to scan an area of 250 � 600 lm2

with a step size of 0.6 lm. Evaluation was carried out using
the TSL-OIM 7 analysis software. A clean-up procedure
consisting of grain confidence index (CI) standardization and
a neighbor CI correlation was applied.

Results and Discussion

The annealed microstructure and texture are shown in
Fig. 2. A similar grain size of the 2 alloys was adjusted by
different parameters of rolling and annealing. The average

grain size of Z2 and ZE21 are 33 and 30 lm, respectively
(Table 1). However, the textures of the annealed sheets are
different concurrent with the addition of Ce as a RE element
[3]. After annealing, Z2 has a strong basal-type texture with
Pm.r.d. = 9.2, comparable to AZ31 as a conventional Mg
alloy, while ZE21 has a weak basal texture (Pm.r.d. = 3.8)
and a spread of basal planes toward the transverse direction.

Stress-strain curves collected during the in situ texture
and diffraction profiles measurements are shown in Fig. 3.
The stress relaxation is clearly visible at the texture mea-
suring points. However, the stress-strain curves of the
measurements for diffraction profiles of the same alloy are
very similar so that the impact of stress relaxation on the
texture development is neglected at this point. Z2 shows
relatively low yield strength along RD at all temperatures in
comparison with ZE21. Higher strain hardening is reached in
Z2 than in ZE21 up to the ultimate tensile strength (UTS).
Such a behavior has also been found in earlier work, cor-
responding to changed critically resolved shear stresses
(CRSS) for individual slip system [3, 7].

Figure 4 shows the pole figure after the tests ðe ¼ 0:20Þ.
The (10.0) pole strengthens toward LD, while the (00.2) pole
develops a transverse spread perpendicular to LD. The
intensities of the (00.2) pole figure does not exhibit a clear
tendency after the tests at 3 temperatures. The intensities of the
(10.0) pole developed toward LD in both alloys and shows an
increase after tests regardless on testing temperature. The
significant differences between the 2 alloys are that the (00.2)
pole of ZE21 alloy broadens clearly faster towards the TD than
of Z2. Besides, the intensity of the (10.0) pole figure shows a
different behavior in ZE21 compared to Z2 with increasing
temperature. In Z2, there is no clear trend revealed with
temperature after deformation. In ZE21, intensities are
increasing with temperature, respectively. The broadening of

Loading direction

10°

Fig. 1 Debye-Scherrer pattern of the tensile sample and sketch of the
integrated sector along the LD

100 μm 100 μm

(a)

RD

TD

ND

RD
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9.2
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3.8
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2.2

(b)Fig. 2 Annealed microstructure
and texture of the 2 sheets, a Z2
and b ZE21 alloy, prior to
mechanical testing
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the (00.2) pole as well as the intensity variation of the (10.0)
pole can be related to a higher activation of prismatic ah i slip
in ZE21 than in Z2 with increasing temperature.

The diffraction profiles were evaluated by the slope of the
modified WH-plot, in order to reveal the dislocation density
changing through changes on individual property of peaks at
selected strain points, i.e. FWHM variation. Figure 5 shows
an example of the modified WH-plot for the sample before
loading and at UTS. The evaluation of the dislocation den-
sity of both alloys during tensile loading is shown in Fig. 6.
The dislocation densities increase during tensile loading at
RT in both alloys. However, Z2 shows faster relaxation of
dislocation at 100 and 200 °C than ZE21. In other words,

dislocation densities in Z2 seem to retain from the beginning
in overall tendency, while dislocation densities in ZE21
increased tendencially during deformation at 100 and
200 °C. The decreased dislocation density can be related to
recovery (RV) and dynamic recrystallization (DRX) during
microstructure development [17]. To compare the
microstructure development after deformation, EBSD mea-
surements were carried out using the same samples. The
inverse pole figure (IPF) map, the grains with lower interior
orientation spread (GOS) map, and misorientation histogram
on the center of the samples after deformation ðe ¼ 0:20Þ are
presented in Fig. 7 for the experiments at 3 temperatures. In
Z2, the IPF map at R.T. shows deformed grain and twins.
Deformed grains are still visible after deformation at 100 °C,
whereas the twins disappear. At 200 °C, locally deformed
band or shear band are revealed, as indicated by white lines.
The IPF map of ZE21 at R.T. shows also deformed grains
and twins. However, at 100 °C more distortional grains are
found, corresponding to higher stored strain in the grains
compared to Z2. At 200 °C, no shear bands are observed in
ZE21. Such shear bands have been observed to accommo-
date the deformation in RE- free Mg alloy, e.g. AZ31. Such
locally concentrated deformation leads to inhomogeneous
deformation [18]. Thus, there is a significant difference in
the deformation and recrystallization behavior during tensile
testing. To identify recrystallized grains, GOS maps are
considered, assuming that recrystallized grains will appear
with low orientation spread whereas non-recrystallized
deformed grains do not [19, 20]. Grains with GOS < 2°
and high angle grain boundaries (HAGB, >15°) are con-
sidered. At R.T. and 100 °C, a very small amount of
recrystallized grains is identified in both alloys.

Fig. 5 An example of modified WH-plot before loading and at UTS
on the ZE21 sheet
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Small grains recrystallized are only observed at 200 °C.
In comparison, there are concentrated in the above men-
tioned bands in Z2 whereas in ZE21 they are preferentially
found at grain boundaries. In Z2 the selected grains are
larger compared to ZE21 indicating a growth restriction
during recrystallization. In summary, only Z2 after defor-
mation at 200 °C exhibits a distinct fraction of recrystallized
grains. Furthermore, misorientation angle histograms are
shown which also help to reveal the deformation and
recrystallization behavior [5, 9]. In case of Z2 at R.T., a
pronounced peak is observed around 86°, resulting from a
high amount of {1012} tension twin boundaries after
deformation. With increasing test temperature, recrystallized
grains with peaks around 30° in misorientation increase.
Such peaks are related with recrystallization, with prefer-
ential rotation of 30° around c-axis [21]. The increase of the
fraction of such orientations seems to indicate the beginning
of recrystallization between R.T. and 100 °C, which is not
fully consistent with the finding of recrystallized grains in
the GOS map. It is hypothesized that this is related to
recovery of grains, which is also consistent with the decrease
of the dislocation density in the WH-plot during deformation
in Fig. 6. At 200 °C, recrystallized grains and misorientation
peaks around 30° can be related to DRX, with new grains
concentrated along shear bands [17]. However, in case of
ZE21, a clearly lower fraction of recrystallized grains is
found. No evidence of the shear bands that played a role
during recrystallization in Z2 is found in this alloy.
Recrystallized grains also remain smaller after testing at
200 °C compared to Z2. The retarded recrystallization is
also consistent with the misorientation histogram, where no
distinct peak formation at 30° misorientation is observed.
However, peaks at misorientation lower than 15° occur with
increasing temperature. Such peaks are consistent with
higher stored energy [9], associated with higher dislocation
density or low angle grain boundaries (LAGB). This finding
is also consistent with the result of modified WH-plot in
Fig. 6. Thus, in ZE21 recrystallization appears retarded and
leads to continuous increase of internal strain as well as the
dislocation densities during testing even at 200 °C.

For DRXed grains in GOS map, in Z2, the new recrys-
tallized grains are created along shear band [22], while they
are created around grain boundary in ZE21. This difference
in the nucleation of new grains may have an impact on the
recrystallization kinetics as well. In summary, the addition of
RE elements leads to a retardation of DRX, which in the
RE-free alloy Z2 has been enhanced in shear band [1, 3, 7].
Also the decreasing intensity of the (10.0) pole between the
tensile tests at 100 and 200 °C can be explained by a pro-
posed enhancement of recrystallization along shear band and
a resulting higher fraction of recrystallized grains at 200 °C
(Fig. 4).

Summary

The microstructure development using in situ Synchrotron
radiation measurement and EBSD measurement at 3 differ-
ent temperatures of RE free- and RE elements containing Mg
sheets was analyzed in the present study. In comparison with
the Z2 alloy, a high activity of prismatic <a> slip has been
revealed with increasing testing temperature, especially in
case of ZE21, resulting in an intensity increase of the (10.0)
component toward LD and the (00.2) spread perpendicular
to LD. The visibility of this increasing activity of prismatic
<a> slip was reduced with the reformation of the
microstructure due to enhanced recrystallization associated
with a preferred shear band nucleation of grains in Z2 at
200 °C. The dislocation densities have been revealed by
using a modified WH-plot which show a clear increase
during deformation at R.T.. The dislocation densities in Z2
at 100 and 200 °C decreased due to RV and DRX during
deformation.
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Thermo-Mechanical Treatment of Extruded
Mg–1Zn Alloy: Cluster Analysis of AE Signals

Patrik Dobroň, Daria Drozdenko, Marius Hegedűs, Juraj Olejňák,
Klaudia Horváth, and Jan Bohlen

Abstract
The proper thermo-mechanical treatment can improve
mechanical properties of extruded Mg alloys through a
solute segregation and precipitation along twin bound-
aries. The effect of heat treatment on mobility of twin
boundaries with respect to applied loading direction was
studied in extruded Mg–1Zn alloy using the acoustic
emission (AE) technique. The adaptive sequential
k-means clustering (ASKC) was applied to analyze the
AE data in order to determine the dominant deformation
mechanism in a given time period. The AE energy,
median frequency and the number of elements in
individual AE clusters are the main parameters of
presented clustering analysis. Active deformation mech-
anisms are discussed with respect to mutual orientation of
grains and loading direction.

Keywords
Magnesium�Twinning�Annealing�Acoustic emission
Cluster analysis

Introduction

One of the ways to improve mechanical properties of
wrought magnesium alloys is an application of thermo-
mechanical treatment (TMT). A strong basal texture in
extruded Mg alloys promotes the formation of extension
twins during compression along the extrusion direction
(ED) [1]. Thus, twinning becomes a key mechanism of
plastic deformation in the Mg alloys. Precipitation at twin
boundaries can cause the pinning effect and leads to higher
compression yield strength. Thus, a reduction of the
compression-tension yield asymmetry can be achieved.

Tensile or compressive loading of the pre-compressed
and annealed Mg alloy may influence their deformation
behavior. Therefore, it is essential to get more insight into
individual mechanisms of deformation (dislocation slip,
twinning, twinning—detwinning) of the TMT Mg alloys
with respect to applied loading direction.

The acoustic emission (AE) technique provides real time
information about the collective processes involved in plastic
deformation of crystalline materials. It is based on sensitive
detection of the transient elastic waves generated within the
material during deformation due to sudden localized struc-
ture changes [2, 3]. A direct correlation of the AE parameters
with the stress-strain curve yields information on the
dynamic changes indicating e.g. activation of various
deformation mechanisms during plastic deformation of Mg
alloys [4–6]. To determine the dominant active deformation
mechanism at the various stages of deformation in Mg
alloys, advanced statistical methods for analysis of AE
response can be applied. The adaptive sequential k-means
clustering (ASKC) method was found to be useful for such
analysis [7–9].

The aim of the present work is to examine an influence of
TMT on deformation behavior of extruded binary Mg–1Zn
alloy using the clustering analysis of AE signals. A special
attention is paid to characterization of active deformation
mechanisms with respect to the loading direction.
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Experimental

Specimens with a diameter of 11 mm and a gauge length of
17 mm were machined from the extruded round bar of
binary Mg-1 wt%Zn (Mg–1Zn) alloy parallel to ED.
Deformation tests were performed in a universal testing
machine Instron 5882 at room temperature and at a constant
strain rate of 10−3 s−1.

Influence of TMT on mechanical behavior of Mg–1Zn
alloy was studied with respect to loading direction (tension
or compression). Firstly, all samples were pre-compressed
up to 75 MPa (shortly after the yield point—YP) to intro-
duce deformation twins into the structure and then they were
subjected to:

(a) annealing at 200 °C for 8 h and subsequent compres-
sion up to 100 MPa (TMT-c sample)

(b) annealing at 200 °C for 8 h and subsequent tension up
to 75 MPa (TMT-t sample)

AE during deformation tests was monitored by computer-
controlled PCI-2 device (Physical Acoustic Corporation)
using a piezoelectric transducer (micro 30S - PAC) and
a2/4/6-preamplifier giving a gain of 60 dB. The sensor was
attached to the specimen surface using a clamp. The AE
waveform streaming (2 MHz) provides the AE data for a
cluster analysis. In this study, the adaptive sequential k-mean
clustering (ASKC) developed by Pomponi and Vinogradov
[7] was used to determine the dominant deformation
mechanism in a given time period. More details about the
procedure and an application of ASKC to the AE data
recorded during loading of Mg alloys can be found in [8, 9].

Global texture information about the alloy in the
as-received condition was obtained using the X-ray diffrac-
tion. A Panalytical X-ray diffractometer setup using CuKa
radiation was employed to measure pole figures on polished
samples in reflection geometry to a sample tilt of 70°.

Standard metallography procedures on longitudinal sec-
tions by using an etchant based on picric acid [10] were
applied to reveal the grain structure.

Results

The Mg–1Zn alloy has almost homogeneous microstructure
with the average grain size of (50 ± 2) lm (Fig. 1). The
initial basal texture is shown in Fig. 2.

Results of the ASKC, represented by energy, median
frequency and the number of elements in individual AE
clusters, for samples subjected to different procedures are
presented in Figs. 3, 4 and 5. Deformation curves are cor-
related with the number of elements in individual AE

clusters on a time scale (Figs. 3, 4 and 5b) to provide
information about development of the dominant deformation
mechanism. While the ASKC analysis determine only the
dominant mechanisms, the concurrent activity of other
deformation mechanisms during plastic deformation cannot
be excluded.

For all samples, preference ranges in the energy-median
frequency dependence for individual clusters can be seen.
Cluster 1 is found at low energies and in a wide range of
median frequencies (Figs. 3, 4 and 5a). It is observed before
the deformation experiment (Figs. 3, 4 and 5b) and therefore
is associated with noise signals. Cluster 2 is found at med-
ium energies in a wide range of median frequencies and it
occurs short after the beginning of the deformation test.
Thus, this cluster is linked to activity of basal slip. Cluster 3
associated with twinning consists of events with higher
energies and high median frequencies. Cluster 4 appears
only after the yield point (YP) and is related to non-basal slip
(Figs. 3, 4 and 5b).

For an assignment of events into clusters the ASK algo-
rithm includes more parameters than the energy and the
median frequency presented in Fig. 3, 4 and 5. Therefore, an
overlap in the energy-frequency plots for different clusters is
essential (Figs. 3, 4 and 5a).

All deformation curves exhibit S-shape (Figs. 3, 4 and
5b) which is typically seen in extruded Mg alloys com-
pressed along ED. The lowest yield strength (57 ± 1 MPa)
is observed in the compressed sample, whereas both TMT
samples have similar yield strength (65 ± 1 MPa). For all
the three samples, a slight difference in the yield behavior
can be seen. This behavior is also reflected in the AE results.

Deformation is firstly realized by basal slip, and then
twinning and non-basal slip are activated. The highest AE
activity represented by energy and number of elements was
observed in the compressed sample (Fig. 3). Basal slip

Fig. 1 Microstructure of extruded Mg–1Zn alloy (" ED)
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Fig. 2 Initial texture of extruded
Mg–1Zn alloy (� ED)

Fig. 3 Dependence of energy on the median frequency (a), and the
number of elements and stress vs. time in the AE clusters (b) for the
sample compressed up to 75 MPa

Fig. 4 Dependence of energy on the median frequency (a), and the
number of elements and stress versus time in the AE clusters (b) for the
pre-compressed sample up to 75 MPa, annealed at 200 °C for 8 h and
subsequently compressed up to 100 MPa (the TMT-c sample)

Thermo-Mechanical Treatment of Extruded Mg–1Zn Alloy: Cluster … 219



(cluster 2) is less active in the TMT samples compared to its
activity in the compressed sample (Figs. 3, 4 and 5).
Twinning (cluster 3) starts to be dominant in the TMT-c
sample at the macroscopic YP whereas in the TMT-t sample
twinning occurs before YP. Furthermore, higher twinning
activity can be seen in the TMT-c sample.

Discussion

The Mg–1Zn alloy has fully recrystallized and homogeneous
grain structure exhibiting a basal texture. Microstructure
observation showed that sample after pre-compression up to
75 MPa (shortly after YP) contains {10-12} <10-11>
extension twins. This is a typical deformation behavior in
extruded Mg alloys. The ASKC data for the compressed
sample were used as a reference set to ASKC data for
deformation tests on the TMT samples. The effect of TMT
with respect to applied loading direction is not pronounced
and it can be manifested only in the yield behavior without a
change in the yield strength. The AE technique is very

sensitive to collective dislocation processes and to nucle-
ation of twins. The twin growth does not produce detectable
AE [11] and therefore, observed AE is a result of collective
dislocation motion and/or twin nucleation. Assignment of
clusters 2–4 to individual deformation mechanisms is based
on previous results [7–9] and with respect to possible
deformation mechanisms in the deformation mode.

The highest AE activity in the compressed sample
(Fig. 3a) compared to the TMT samples can be explained by
a higher mean free path of moving dislocation. In the TMT
samples, a large number of obstacles in a form of twin
boundaries and precipitates reduce the mean free path, and
thus the AE energy of dislocation slip is lower (clusters 2
and 4, Figs. 3, 4 and 5a). The nucleation of twins (cluster 3,
Figs. 3, 4 and 5a) is an excellent AE source and therefore the
reduction of the AE energy in this cluster by an occurrence
of obstacles is very low.

The reasons for the difference in the AE energy for dis-
location clusters in the TMT samples (clusters 2 and 4,
Figs. 4 and 5a) lies in applied loading direction. In the TMT-t
sample, the detwinning process plays an important role.
According to Christian and Mahajan [12], a higher stress is
required for nucleation than for the propagation of twins.
Thus, the extension twins produced during pre-compression
become thinner and the mean free path of moving dislocation
increases. This is also reflected in higher AE energy for
dislocation clusters and in a lower number of elements in
cluster 3 (twinning) compared to the TMT-c sample. The
tensile loading reopens dislocation sources, so collective
dislocation motion produces detectable AE signals with a
relative high AE energy

The pinning effect of twin boundaries can be seen in the
activity of cluster 3 (twinning, Fig. 4b). Plastic deformation
is firstly realized mainly by basal slip and twinning occurs
later at the yield strength, whereas in the sample without
TMT twinning occurs almost concurrently with the basal slip
(Fig. 3b).

Conclusions

The influence of thermo-mechanical treatment consisting of
pre-compression, annealing at 200 °C for 8 h of extruded
binary Mg–1Zn alloy on deformation behavior was studied
during either tension or compression loading. The applica-
tion of ASKC to the AE data revealed that the AE energy
originated from twinning is almost not dependent on loading
direction. On the contrary, the AE energy from dislocation
(basal, non-basal) slip is strongly affected by loading
direction, where higher AE energy was observed during
tension compared to the compressive loading. In tension,
lower number of elements in cluster assigned to twinning
can be explained by the fact that detwinning reduces the

Fig. 5 Dependence of energy on the median frequency (a), and the
number of elements and stress versus time in the AE clusters (b) for the
pre-compressed sample up to 75 MPa, annealed at 200 °C for 8 h and
subsequently loaded in tension up to 75 MPa (the TMT-t sample)
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number of newly created twins. Increasing detwinned area
promotes collective dislocation motion, what results in the
strong AE energy of both basal and non-basal slip.
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The Effect of Initial Texture on Deformation
Behaviors of Mg Alloys Under Erichsen Test

Jaiveer Singh, Min-Seong Kim, and Shi-Hoon Choi

Abstract
Deformation and fracture behaviors of AZ31 and E-form
Mg alloys sheets were investigated during Erichsen test.
Formability of Mg alloys was discussed in terms of
Erichsen index (IE) and tests were conducted at room
temperature using conventional Erichsen tester. The role
of difference in initial textures and grain sizes in Mg
alloys sheets was investigated to understand the defor-
mation and fracture mechanisms in Mg alloys during
Erichsen test. The evolution of the microstructure and
microtexture of the deformed Mg alloys was analyzed via
an electron back-scattered diffraction (EBSD) technique.
Crystal plasticity finite element method (CPFEM) was
used to predict the micromechanical deformation behav-
ior of Mg alloys during Erichsen test. EBSD analysis
revealed that deformation twins along with shear local-
ization by dislocation slip were the main deformation
mechanisms during Erichsen test. E-form Mg alloys with
a weaker basal texture show higher IE compared to AZ31
alloy with a stronger basal texture.

Keywords
Mg alloys � Erichsen test � Fracture � Formability
CPFEM

Introduction

Magnesium (Mg) alloys are attractive for commercial
applications in aerospace/automotive industry and known to
be one of the lightest structural alloys [1]. However, com-
mercial usage of Mg alloys is limited because of its low
formability at room temperature (RT). The critical resolved
shear stress (CRSS) for the basal slip is much smaller than

that of non-basal slips and the activation of non-basal slips
are hardly occurs at RT in the Mg alloys [2]. Therefore, Mg
alloys exhibit poor plastic formability at RT. Although, the
grain reorientation and refinement via severe plastic defor-
mation have been proposed to enhance the RT ductility [3].
The addition of rare earth (RE) and Ca elements in Mg
alloys have succeeded in improving the formability, good
creep resistance and higher strength among the lightest
structural alloys [4, 5]. The addition of specific elements is
attributed to a reduction in basal texture intensity which
results in enhanced stretch formability [6].

The deformation mechanisms and failure behaviors of
Mg alloys could be significantly affected by complex stress
states during Erichsen test. Thus far, many studies were
mainly focused on the enhancement of stretch formability in
Mg alloys by cross-wavy bending [7], pre-stretching and
annealing treatment [8], grain boundary sliding [9], the
addition of Ca and Ce [10, 11], twinning-mediated forma-
bility [12] and pre-twinning [13]. Huang et al. [14] studied
the effects of initial microstructure on the microstructural
evolution and stretch formability of warm rolled AZ31 Mg
alloy sheets. Park et al. [15] reported the remarkable
improvement of the stretch formability of rolled AZ31 Mg
alloy at RT which was attributed by introducing initial
f1012g twins. However, many efforts have been made in
understanding the effects of initial microstructures/textures
on deformation and fracture behaviors in Mg alloys under
the Erichsen test at RT [14, 16–21]. Therefore, the present
work was motivated to study the effects of initial texture on
Erichsen index (IE) and deformation behaviors under the
complex stress states during Erichsen tests at RT. The IE is
defined as the distance traveled by punch onto the sheet
specimen till cracks begin to appear on the surface and is a
measure for the formability of the sheet specimens during
stretch forming.

Simulation of forming process such as Erichsen test for
Mg alloys via finite element analysis (FEA) remains a
challenge [7, 13, 22, 23]. During the sheet metal forming for
automotive applications, heterogeneous deformation occurs
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through the thickness direction [24]. The polycrystal plas-
ticity modeling of hexagonal close-packed (hcp) materials
can be used to analyze the mechanical behavior, deformation
mechanisms, and microstructure/texture evolution. Many
studies based on the crystal plasticity finite element method
(CPFEM) have been conducted to simulate the plastic
deformation behaviors and texture evolution in Mg alloys
[25–28]. In the previous study, Choi et al. [25] used the
CPFEM model, considering both slip and twin as deforma-
tion modes to simulate the texture evolution and macro-
scopic properties of AZ31 Mg alloy. In another study [26],
CPFEM model was also used to predict the spatial stress
concentration during in-plane compression in polycrystalline
AZ31 Mg alloy. Staroselsky and Anand [28] used the
crystal-mechanics-based constitutive model, which also
accounts both crystallographic slip and deformation twin-
ning to predict the mechanical response and texture evolu-
tion in AZ31B Mg alloy.

In the present work, the effects of initial texture on
Erichsen index (IE) and deformation behavior during
Erichsen test at RT were performed on the AZ31 and E-form
Mg alloys. EBSD technique was used to investigate the
microstructural and microtextural evolution through the
thickness direction during Erichsen test. CPFEM was used to
analyze the micromechanical deformation and fracture
behaviors during Erichsen test.

Experimental and Simulation Details

Hot-rolled AZ31 and E-form® (Mg–Al based Easy-formable
alloy) Mg alloys sheet of 0.5 mm initial thickness were used
in the present study. The microstructure and microtexture of
the as-rolled specimen and as-deformed specimens by
Erichsen test were characterized using electron
back-scattered diffraction (EBSD) technique. The samples
were polished through standard metallography polishing by
mechanical grinding using abrasive papers (#800, #1200,
and #2400) followed by ethanol-based 3–1 lm diamond
suspension and final polishing using colloidal silica. All the
microstructural measurements were made on a plane con-
taining rolling (RD) and normal (ND) directions (RD-ND
section). The EBSD scans were measured on a JEOL
(JSM-7100F) by scanning an area of 100 lm � 100 lm at a
step size of 0.25 lm. The EBSD data were processed with
the condition of confidence index (CI) >0.1. The Erichsen
test of the sheets with 0.5 mm thickness was performed at
RT using conventional Erichsen tester. The dimensions of
the specimens were 55 mm � 55 mm and punch speed was
kept at 1 mm/min.

For simulation, the commercial software, ABAQUS v6.10
was used to understand themacroscopic deformation behavior
during Erichsen test. For a detailed description of the crystal

plasticity model, readers are suggested to refer the previous
papers [25–27]. In the crystal plasticity model, four slip and
two twin systems were considered. The set of parameters for
AZ31 and E-form were determined by representative volume
element (RVE) based on the results of uniaxial tension and
compression tests. For defining the hardening parameters, a
simple 3-D mesh (20 � 20 � 10 = 4000 elements) and an
ODF (orientation distribution function) measured by X-ray
diffraction were used. To understand the micromechanical
deformation behavior during Erichsen test, the initial geom-
etry of tools and sheet was considered as the same dimension
with experiment. A 3-D C3D8R (in ABAQUS) element type
with eight nodes and one integration point was used and a total
number of elements was 43,899. To impose initial orientations
of the elements, 40 orientations randomly selected from the
4000-grain orientations were mapped onto each integration
point in the finite element mesh. It was assumed that the stress
state at each integration point would be determined by a
volume-average over the total number of grains comprising
the respective material point. This scheme is called random
mapping (RM) as given in Ref. [29]. For Erichsen test mod-
eling, the friction coefficient l = 0.05 was imposed between
the blank and tools. The IE of 2.8 and 4.5 mm were used for
AZ31 and E-form Mg alloys for predictions, respectively.

Results and Discussion

In order to compare the stretching formability of the AZ31
and E-form Mg alloys, Erichsen tests were carried out at RT.
Figure 1a shows the top view of deformed specimens after
Erichsen test. The failure in AZ31 by cracking occurred after
the punch displacement of 2.63 mm, while in E-form,
4.84 mm. The black arrow indicates the macroscopic cracks
on the deformed specimens. Erichsen test indicates that
E-form shows much higher formability in terms of IE at RT
than AZ31 Mg alloy. Figure 1b, c show the punch
displacement-force curves and comparison of IE for AZ31
and E-form Mg alloys, as determined via conventional
Erichsen tester at a displacement rate of 1 mm/min at RT,
respectively. However, it should be noted that cracks in
AZ31 occurred along the transverse direction (TD), while in
E-form, along the rolling direction (RD).

Figure 2 collates the initial microstructure and micro-
texture of AZ31 and E-form Mg alloys measured through the
thickness direction of the as-rolled sheet. Figure 2a, b show
inverse pole figure (IPF), image quality (IQ) maps and pole
figures of the RD-ND plane for the as-rolled AZ31 and
E-form Mg alloys, respectively. The average grain sizes of
AZ31 and E-form Mg alloys were 8.6 and 11.9 lm,
respectively. The morphology of grains was almost equiaxed
for both AZ31 and E-form Mg alloys. The maximum
intensities of AZ31 and E-form alloys were 15.5 and 12.4,
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Fig. 1 a Top view of AZ31 and E-form Mg alloys after Erichsen tests at room temperature. b Punch displacement-force curves and c Erichsen
index of AZ31 and E-form Mg alloys were 2.63 and 4.84 mm, respectively

15.5

0 

12.4

0 

(a)

(b) 

Fig. 2 ND-IPF (normal direction—inverse pole figure), IQ (image quality) and pole figure (PF) maps of a AZ31 and b E-form Mg alloys
measured through the thickness direction of as-received rolled sheets
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respectively. Therefore, it is evident that the higher IE of the
E-form Mg alloy is closely related to the weaker basal tex-
ture compared to AZ31 Mg alloy. The IE of the AZ31
specimen having strong basal texture was only 2.63 mm,
which means poor formability. The strong basal texture
places most grains with c-axis parallel to ND, which are
difficult to deform since the RSS (resolved shear stress) in
the basal plane is equal to zero under in-plane tension or
compression, which results in stress localization and shear
failure. However, in the case of E-form Mg alloy with lower
basal texture intensity, a large number of grains will be
favorably orientated for deformation, which contributed to
higher IE and improvement in the formability. To examine
the microstructure and microtexture evolution during
Erichsen test at RT, Erichsen tested specimens have been
analyzed by EBSD. Complex stress states can occur
throughout the whole specimens during Erichsen testing.
Figure 3a, b shows the IPF, IQ maps and corresponding pole
figures of the AZ31 and E-form Mg alloys after Erichsen test
at RT, respectively. Analysis was carried out near the cracks
present in the deformed specimen. The maximum intensities
of the AZ31 and E-form specimens after Erichsen test were
18.7 and 20.1, respectively. These results suggest the
enhancement in the microtexture after Erichsen test at RT.
We can also observe the deformation twins in the E-form
Mg alloy, while AZ31 indicates mostly localized shear
regions. Although, localized deformation zones were mostly
confined to the grain boundaries during Erichsen test.

The above-mentioned results show that there is a significant
activity of deformation twins in the E-form Mg alloy during
Erichsen test which results in the accommodation of high
deformation. Hence, E-form Mg alloy had higher IE as
compared to AZ31 Mg alloy.

In this study, CPFEM was used to understand the
micromechanical deformation behavior of Mg alloys under
Erichsen test at RT. However, the simulation using macro-
scopic FEA demonstrated the evolution of effective stress
and strain distribution in any region of the deformed blank of
Mg alloys after Erichsen test. Figure 4 shows the effective
stress and strain distributions in the blank (top and bottom
view) of AZ31 and E-form Mg alloys after Erichsen tests at
RT. The color contour represents the magnitude of the
effective stress and strain distributions on the blank
deformed to the punch displacement of 2.8 and 4.5 mm for
the AZ31 and E-form Mg alloys, respectively. The orienta-
tion option in ABAQUS was used to specify local axis
systems (1, 2, and 3) for material that is parallel to RD, TD,
and ND, respectively, with respect to a deformed specimen.
The effective stress and strain distribution also indicate
probable sites for the high-stress concentration which could
result in a crack. Similarly, Fig. 5 shows the effective stress
and strain distribution on cross-sectional planes. The strain
and stress distributions for both AZ31 and E-form Mg alloys
were concentrated at the center of the sheets and E-form
alloy had a higher level of strain and stress compared to
AZ31 Mg alloy. The effective strain distribution was

18.7

0 

20.1

0 

TD

ND

RD

(a)

(b) 

Fig. 3 ND-IPF (normal direction—inverse pole figure), IQ (image quality) and pole figures (PF) maps of a AZ31 and b E-form Mg alloys. The
measurement was done near the crack position through thickness direction after Erichsen tests at room temperature
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Fig. 4 Effective stress and strain distribution (top and bottom view) in the AZ31 and E-form Mg alloys after Erichsen tests at room temperature

(a) (b)

Fig. 5 Effective stress and strain distribution on cross-sectional planes a AZ31 and b E-form Mg alloys after Erichsen tests at room temperature
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heterogeneous through the thickness direction during
Erichsen test. It should be noted that E-form Mg alloys
underwent the highest level of effective stress and strain in
the hot spots while AZ31 Mg alloys experienced a slightly
lower level of effective stress and strain which could be
observed in the through thickness direction.

Figure 6 shows the maximum intensities of (0002) pole
figure of AZ31 and E-form Mg alloys before and after
Erichsen tests at RT. The microtexture intensities were
obtained from the as-rolled sheets, Erichsen tested speci-
mens (measured at different positions in the through thick-
ness direction viz. UQ: upper quarter, C: center and LQ:
lower quarter) and microstructure based CPFEM for AZ31
and E-form Mg alloys. This result indicates the microtexture
strengthening after Erichsen tests at RT. Therefore, it should
be noted that microstructure based CPFEM model success-
fully captured the microtexture enhancement as observed in
the experimental work. The detailed results obtained from
the microstructure based CPFEM model will be published
separately. However, shear localized deformation along with
deformation twins was the main contributions of microtex-
ture evolution through the thickness direction during
Erichsen test.

Conclusions

Evolution of microstructure and microtexture in the AZ31
and E-form Mg alloys through the thickness direction was
examined using EBSD technique under Erichsen test at RT.

The effects of the initial crystallographic texture and grain
sizes which exerted on the IE were studied. The localized
deformation zones were mostly confined to the grain
boundaries during Erichsen test. CPFEM has been success-
fully captured the deformation and failure behaviors of
AZ31 and E-form Mg alloys under Erichsen test and pre-
dicted the effective stress and strain distributions. Texture
evolution was also successfully captured via microstructure
based CPFEM. E-form Mg alloys with a weaker basal tex-
ture show higher IE compared to AZ31 Mg alloy with a
stronger basal texture.
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Measurement of Twin Formation Energy
Barriers Using Nudged Elastic Band
Molecular Statics

Deepesh Giri, Christopher Barrett, and Haitham El Kadiri

Abstract
The nudged elastic band (NEB) method [1, 2] is used to
find the energy barrier separating stable twinned and
untwinned states in Magnesium. This technique enables
identification of the minimum energy path between the
two stable states. The effects of dislocations, grain
boundaries, and other defects which enhance twin
nucleation produce a measurable effect on the minimum
energy path [3, 4] and energy barrier. Thus, the NEB
technique enables direct comparisons of the material
twin-ability under a variety of boundary conditions. By
simulating twinning in a variety of boundary conditions,
NEB calculations provide key insight into the twin
nucleation process by demonstrating both what defect
arrangements encourage twin nucleation, and how likely
twinning is to occur under given boundary conditions.
This data is crucial for incorporating twin nucleation
accurately into higher scale modeling.

Keywords
NEB � Energy � Twinning

Introduction

One of the greatest challenges in materials modeling is the
effective upscaling of relevant material properties while the
description of material behavior is continually simplified
from that which is used at lower scales. In particular, in
moving from the atomistic modeling to higher scales such as
dislocation dynamics, phase field modeling, and crystal

plasticity, the material description changes from describing
individual atoms which have their own freedom to move to
treating a continuous material which experiences stress and
deformation as a solid body. This drastic simplification of
the material description must be coupled with the introduc-
tion of many new material properties which are automati-
cally present in the discrete framework. The material
response to plasticity involves slip, twinning, grain boundary
migration, grain boundary sliding, recrystallization, faceting
[5] and many other effects which are by-products of the
discrete nature of atoms, but can be described in a contin-
uous material by introducing new laws of behavior. A par-
ticular challenge in this regard is how best to capture the role
of twinning in higher scale plasticity.

Twinning drastically alters the positions of atoms in its
wake, inducing a transformation strain in a particular region
which has a newly oriented structure and is surrounded by
new interfaces, shuffling [6] all of the atoms inside this
region. This complex process occurs very quickly as twins
can shoot from one side of a grain to the other and in
magnesium [7, 8] such twins have been known to grow until
the entire parent grain they occur in has been consumed.
Such an unusual process requires dedicated treatment in
higher scale modeling, and often can only roughly approx-
imate experimental data. In this work, we focus on the dif-
ficult question of how such twins originate.

Twin nucleation is of great concern because the ensuing
growth of twins is highly dependent on the points of their
origin. Identification of origin points in an initial
microstructure undergoing deformation is still at infantile
stages, making it a ripe area for dedicated study. To quantify
the points where twins prefer to nucleate and fully describe
the nucleation process up to the point that a stable embryo is
present and ready to begin rapid growth, we turn the nudged
elastic band (NEB) method.

The NEB method is an algorithm which is an approxi-
mation defined to find the minimum energy path (MEP).
The MEP is a curve through phase space that finds its way
from wells over saddle points [9] to connect the wells by
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using the lowest energies possible to create that curve. In
other words, the NEB method searches for how to move all
of the atoms synchronously to get from the state with no
twin to the state with the twinned embryo while needing the
least amount of energy possible. The algorithm guesses
initial path for all the atoms, iterates several times to relax
these paths and finally gives the MEP along with the height
of the activation barrier [10]. To govern the identification of
the MEP, NEB first identifies a linear path traversed by all
the atoms from the initial to final states. Then it defines
several new states along that path and allows the atoms in
those states to relax toward a lower energy configuration
while being constrained with a spring force that prevents
their distance from neighboring states from growing too
large. This enables all of the states to relax while remaining
continuous. The phase space MEB path is then defined as the
combined motions of all the atoms as they gradually move
from the initial to the final state.

The MEP is a path for a rearrangement of a group of
atoms from one stable configuration to another. Although
other methods like path of slowest ascent, chain of states etc.
were earlier used to find the MEP, they had the shortcomings
such as inaccuracies resulting from the MEP path being
much longer than a linear path, and higher uncertainty near
the saddle point [3, 4], which is the most crucially needed
measurement in many cases. [1]. The NEB method has been
proven ideal for measuring the MEP path in comparison to
these other algorithms, and therefore, minimization of the
elastic band is carried out to solve this problem [1].

Methodology

For our simulations, we used single crystals and bicrystals of
Magnesium and Titanium. Both are HCP metals and
undergo twinning to accommodate c-axis deformation
[9, 19, 20]. At first, we relaxed a and c parameters for Mg by
minimizing 2-atom unit cell in Lammps [11]. At first, we
relaxed a and c parameters for Mg by minimizing 2-atom
unit cell in Lammps [11]. Using these values, we created a
Mg single crystal in Matlab with almost 125,000 atoms. This
crystal is a totally pristine crystal and doesn’t contain any
kind of defects in it. We took the same crystal and inserted a
{10-12} twin embryo in it using a Matlab code which solves
for the displacement field due to a series of twinning dis-
location loops plus shuffling inside the embryo using the
isotropic approximation. We used 4 dislocation loops, sep-
arated by a distance of 2*c to generate this embryo. The twin
embryo consists of around 3000 atoms. Next, we minimized
these two crystals—pristine and with twin embryo. Let’s call
these minimum files as pristinemin and embryomin

respectively. The Conjugate Gradient (cg) method was used
for minimization. Upon minimization, we require that the
twin embryo remained stable in the crystal. For this purpose,
we applied a shear stress of 1.2 GPa. We considered the
pristinemin and embryomin as two stable states of twin
embryo nucleation and obtained the intermediate states by
taking a fraction of the difference between these two stable
states. We used the difference between the atomic coordi-
nates of the two stable files and created 10 files altogether to
represent the transition. Then we used Lammps to calculate
the energies of each state and obtained an energy graph of
the process as shown in Fig. 1. This illustrates the concept of
the atom paths through phase space and the evolution of the
energy along the MEP.

Unfortunately, for this simplistic conceptual illustration,
we were unable to get a real MEP using NEB because of the
instability of the twin embryo.

For a more realistic measurement, we took the same Mg
pristine crystal but inserted a twin embryo at the surface. As
earlier, the twin embryo was created using 4 dislocation
loops but this time the loops were much larger to generate a
bigger embryo. We sliced the crystal along the basal plane of
the twin using Matlab. This reduced the number of atoms in
the crystal to almost 110,000. The sliced embryo contains
around 3900 atoms. Accordingly, we sliced the pristine
crystal as well so that both the crystals contain atoms with
same atom ID. We minimized both the pristine and twin
embryo crystals. This time we got stable twin embryo
without using any stress. The boundary conditions used were
surface(x), surface(y) and periodic(z). Then we used NEB
method to simulate this transition. We used 8, 16 and 24
replicas in 3 different simulations. Figure 2 shows the two
stable crystals used in this process.

In the third case, we took a Magnesium bicrystal with a
<2110> asymmetric tilt grain boundary (GB) [12, 13]. This
crystal contains 188760 atoms. Tension was applied on this
bicrystal [14] along the c-axis of the top grain and the
resulting state contained two twin embryos along with
deformed interface and presence of dislocations. The initial
bicrystal and the one with twin embryo were minimized
under zero stress to obtain the two stable states of this
transition. Let’s call these stable states as GBinital

and GBfinal. Then we used the NEB method with 16 replicas
to obtain the MEP of this phenomenon, as shown in Fig. 3.
The boundary conditions in this case were periodic, periodic,
surface in x, y and z respectively.

For both the second and third case, minimization was
done using ‘quickmin’ [2] method in Lammps. The NEB
method works only with ‘quickmin’ and ‘fire’ minimization
styles [15]. These files were opened in Ovito [16] and color
coding was done as per their energy values.
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Results and Discussion

For the first case, although we were able to get good energy
curve by calculating the energies of individual files, we were
not able to get it done using NEB method. The possible
reason behind this could be because we used totally an ideal
crystal for the purpose. Presence of a twin embryo in the

middle of a homogenous crystal is practically impossible.
The crystal doesn’t contain any defects or dislocations and
inserting a twin embryo using Matlab doesn’t resemble a
real-case scenario. We think NEB method wasn’t designed
to simulate an ideal case and hence, probably we were not
able to get good results. We included these results in our
methodology to illustrate the MEP concept.

(a) Pristinemin (b) Embryomin

(c) Energy curve during twinning

0

5

10

15

20

25

30

35

40

45

50

0 1 2 3 4 5 6 7 8 9 10

En
er

gy
 d

iff
er

en
ce

 in
 e

V

Intermediate states

Energy curve during twinning

∆E

Fig. 1 a Minimized pristine file. The arrows indicate the application of xy shear stress. b Minimized {10-12} twin embryo. c Energy curve of
transition. The energy barrier for this case was 43.16 eV
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The second case better resembles a real case scenario.
A twin embryo on the surface of a crystal is more likely to be
formed than in the middle. If we look closely, the twin
embryo has been sliced along the basal plane. The energy of
the surface of the basal plane is lower than that of the
prismatic plane and this gives it more favorability to form
twin. The basal plane is closer packed than the prismatic
plane and hence the atoms in basal plane have lower energy.
Upon using 24 replicas to simulate this process, an activation
barrier of 52.04 eV was obtained. Visualizing the dump files
in Ovito, it is seen that the twin embryo is gradually growing
until it reaches the last replica. The twin embryo actually
starts forming from the 14th replica and the energy actually
drops at that point and gradually increases until the penul-
timate replica. The last replica has slight reduction in energy
(0.26 eV).

The third case looks more realistic than the other two
since we used crystals with defects like GB and dislocations.
Like the earlier cases, we minimized the crystals at first to
obtain the two stable states and then used the NEB method.

We used 16 replicas to simulate this transition and obtained
the energy graph as shown in Fig. 3d. If we visualize the
obtained dump files using Ovito, then it is seen that the twin
embryo starts forming 9th replica onwards. However, there is
sudden rise in energy in the 8th replica and there is some
energy drop in the 9th one. This is consistent with the second
case where energy dropped when twin embryo just started
forming. Prior to this, there was almost a linear increase in
energy. And even after the drop, the energy keeps increasing.
It’s natural for the energy to increase during twinning but the
drop in the middle replica is a matter requiring further research.

We used a spring constant of 10 eV/Ang2 in all the
simulations and we think adjusting the values of spring
constant and increasing the minimization of each replica
would give better results which is a part of our future work.
Also, we are working to compare the behavior of Titanium
[17] to Magnesium twin nucleation under the same condi-
tions. Like Magnesium, we have generated the a and c
parameters for Ti and working on the implementation of
NEB method for similar cases.

Fig. 2 a Minimized Pristine crystal. b Minimized {10-12} twin embryo. Both are sliced along the basal plane of the twin
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Conclusion

From these results, we can conclude that the NEB method
can be of great help to find the MEP during twinning. While
this work is still in early stages, it shows great promise as
more realistic scenarios are introduced and a wider variety of
nucleation scenarios are explored. NEB method demon-
strates the ability to quantify the preference of various sites
such as low angle grain boundaries and free surfaces on
various planes to activate twin embryos and also illustrates
the process by which these embryos activate. Thus, critical
insight for higher scale modeling can be obtained allowing
better incorporation of twinning in continuum scale models.

References

1. Christopher D. Barrett, Haitham El Kadiri; Fundamentals of
mobile tilt grain boundary faceting; Scripta Materialia, Volumes
84–85, 2014

2. Ivan Milas, Berit Hinnemann, Emily A. Carter; Diffueion of Al, O,
Pt, Hf and Y atoms on a-Al2O3 (0001): Implications for the role of
alloying elements in thermal barrier coatings; Journal of Materials
Chemistry, 2011

3. Graeme Henkelman, Blas P. Uberuaga, Hannes Jonsson; A
climbing image nudged elastic band method for finding saddle
points and minimum energy paths; Journal of Chemical Physics,
Volume 113, 2000

4. Graeme Henkelman, Hannes Jonsson; Improved tangent estimate
in the nudged elastic band method for finding saddle points and
minimum energy paths; Journal of Chemical Physics, Volume 113,
2000

5. Haitham El Kadiri, Christopher D. Barrett, Mark A. Tschoop; The
candidacy of shuffle and shear during compound twinning in
hexagonal close packed structures; Acta Materialia, Volume 61,
2013

6. Haitham El Kadiri, Christopher D. Barrett, Jian Wang, Carlos N.
Tome; Why are {10-12} twins profuse in magnesium? Acta
Materialia, Volume 85, 2015

7. OVITO 2017; https://ovito.org
8. Haitham El Kadiri, J. Kapil, A. L. Oppedal, L. G. Hector Jr,

Sean R. Agnew, M. Cherkaoui, S. C. Vogel; The effect of

twin-twin interactions on the nucleation and propagation of
{10-12} twinning in magnesium; Acta Materialia, Volume 61,
2013

9. Pierre-Antoine Geslin, Riccardo Gatti, Benoit Devincre, David
Rodney; Implementation of the nudged elastic band method in a
dislocation dynamics formalism: Application to dislocation nucle-
ation; Journal of the Mechanics and Physics of Solids, Volume
108, 2017

10. Cameron Sobie, Laurent Capolungo, David L. McDowell, Enrique
Martinez; Scale transition using dislocation dynamics and the
nudged elastic band method; Journal of the Mechanics and Physics
of Solids, Volume 105, 2017

11. Hannes Jonsson, Greg Mills and Karsten W. Jacobsen; Nudged
elastic band method for finding minimum energy paths of transition;
http://theory.cm.utexas.edu/henkelman/pubs/jonsson98_385.pdf

12. Hong Qin, John J. Jonas, Hongbing Yu, Nicolas Brodusch,
Raynald Gauvin, Xiyan Zhang; Initiation and accommodation of
primary twin in high-purity titanium; Acta Materialia, Volume 71,
2014

13. Christopher D. Barrett, Haitham El Kadiri; Impact of deformation
faceting on {10-12}, {10-11} and {10-13} embryonic twin
nucleation in hexagonal close-packed metals; Acta Materialia;
Volume 70, 2014

14. Hong Yang, Bin Jiang, Junjie He, Zhongtao Jiang, Jianyue Zhang,
Fusheng Pan; {10-12} twinning behavior in magnesium bicrystal;
Journal of Alloys and Compounds, Volume 725, 2017

15. LAMMPS molecular dynamics simulator software; http://lammps.
sandia.gov

16. Daniel Sheppard, Rye Terrell, Graeme Henkelman; Optimization
methods for finding minimum energy paths; The journal of
Chemical Physics, Volume 128, 2008

17. Christopher D. Barrett, Haitham El Kadiri; The roles of grain
boundary dislocations and disclinations in the nucleation of
{10-12} twinning; Acta Materialia, Volume 63, 2014

18. G. Kresse, J. Furthmuller; Efficiency of ab-initio total energy
calculations for metals and semiconductors using a plane-wave
basis set; Computational Material Science, Volume 6, 1996

19. M. S. Hooshmand, M. J. Mills, M. Ghazisaeid; Atomistic
modeling of dislocation interactions with twin boundaries in Ti;
Modeling and Simulation in Materials Science and Engineering,
Volume 25, 2017

20. M. Ghazisaeid, W, A. Curtin; Analysis of dissociation of <c> and
<c+a> dislocations to nucleate (10-12) twins in Mg; Modeling and
Simulation in Materials Science and Engineering, Volume 21,
2013

236 D. Giri et al.

https://ovito.org
http://theory.cm.utexas.edu/henkelman/pubs/jonsson98_385.pdf
http://lammps.sandia.gov
http://lammps.sandia.gov


Microstructure and Mechanical Properties
of Mg-7.71Gd-2.39Nd-0.17Zr Alloy After
the Different Heat Treatments

Shifeng Luo, Guangyu Yang, Lei Xiao, and Wanqi Jie

Abstract
Microstructure and mechanical properties of
Mg-7.71Gd-2.39Nd-0.17Zr alloy after different heat
treatments were investigated. The microstructure of the
as-cast alloy was composed of a-Mg matrix, bone-shaped
a-Mg + b-Mg5(Gd, Nd) eutectic, a little amount of small
cuboid phase (GdH2) and Zr-rich cluster within a-Mg
matrix. The optimal solution treatment was determined to
be at 515 °C for 4 h. After solution treatment,
bone-shaped a-Mg + b-Mg5(Gd, Nd) eutectic was almost
dissolved into a-Mg matrix and the grain size increased
slightly. Furthermore, a large amount of GdH2 was
precipitated along the grain boundaries and within a-Mg
matrix. After subsequent aging treatment at 200 °C for
32 h, Mg5Gd phases were precipitated along the grain
boundaries. For the peak-aged alloy, the peak hardness of
105 HV was achieved and the ultimate tensile strength,
yield strength and elongation at room temperature were
up to 273.7, 188.2 MPa and 4.1%, respectively, which
may be mainly attributed to the b″ and b′ phase
precipitated within a-Mg matrix after ageing treatment.

Keywords
Microstructure�Mechanical properties�Mg–Gd–Nd–Zr
alloy � Solution treatments � Ageing-hardening

Introduction

Due to their high specific strength and stiffness, low density
and the excellent mechanical properties both at room
temperature and elevated temperature, magnesium alloys
containing heavy rare earth elements (RE) have attracted

more and more attention as the structural materials in appli-
cations where weight saving is of great importance [1–3].
Among these Mg-RE alloys, Mg–Gd based alloy was con-
sidered to be one of the promising candidates for a novel
Mg-based heat-resistant alloy, which has an excellent age
hardening response. To date, many investigations have been
conducted on the microstructure and mechanical properties
of Mg–Gd based alloys [4–8]. Nodooshan et al. [4] studied
the compositional dependence of the age hardening
response and the high temperature tensile properties of
Mg-xGd-3Y-0.5Zr (x = 3, 6, 10, and 12) (wt%, used
throughout the paper unless noted) alloys and found that
peak-aged Mg-12Gd-3Y-0.5Zr alloy maintained a high ulti-
mate tensile strength of more than 300 MPa up to 250 °C,
which was mainly associated with solution strengthening and
precipitation hardening of the cuboid-shaped phases and b′
precipitates in Mg matrix. Peng et al. [7] investigated the age
hardening behavior and mechanical properties of
Mg-12Gd-4Y-2Nd-0.3Zn-0.6Zr alloy and its ultimate tensile
strength, yield strength and elongation of the peak-aged alloy
were 293, 261 MPa and 5.8% at 300 °C, respectively, which
were mainly attributed to the fine microstructure, fine meta-
stable precipitate and the dispersed precipitates in the matrix.
However, these Mg–Gd based alloys with more than 10% Gd
increase the density and the costs, it is very necessary to
develop some novel kinds of Mg–Gd based alloys containing
lower Gd content.

Nd, as another kind of light rare earth element, was also
added into Mg alloys with the aim to modify the precipitation
microstructure and thereby improve the precipitation hard-
ening [9–15]. Improved strength of Mg-6Zn-1Mn-4Sn alloy
containing 0–1.5% Nd has been obtained by Hu et al. [11],
which was mainly attributed to the high number density of
rod-shaped b1′ precipitates in the Mg matrix after ageing.
Microstructure and mechanical properties of Mg-11Gd-0.5Zr
alloy containing 2 wt% Nd has been investigated by Zheng
et al. [13], and found that the ultimate tensile strength of the
peak-aged alloy was 330 and 250 MPa at 250 and 300 °C,
respectively. Negishi et al. [14, 15] studied the aging
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characteristics and tensile properties of Mg–Gd–Nd(–Zr)
alloys. The results showed that the ultimate tensile strengths
of Mg-10Gd-3Nd–Zr alloy were 310 and 300 MPa at 200
and 250 °C, respectively. Compared with Gd element, Nd
element has a lower density and costs, and it may be the better
substitutable element for Gd in Mg-RE alloys.

In this paper, Mg-7.71Gd-0.17Zr alloy with low addition
of 2.39% Nd was prepared, and the microstructure and
mechanical properties of the alloy after different heat treat-
ment were investigated, and the strengthening mechanism
was also discussed.

Experimental Procedures

The experimental alloy was prepared from pure Mg, pure
Nd, Mg-21.6Gd master alloy and Mg-33Zr master alloy in
an electrical-resistant furnace under the mixed atmosphere of
CO2 and SF6 with the ratio of 100:1. After being refined
with Cl6C2 and holding at 780 °C for 30 min, the melt was
cast in a steel mold at 740 °C. The real compositions of the
experimental alloy were determined to be Mg-7.71Gd-
2.39Nd-0.17Zr through inductively coupled plasma atomic
emission spectrum (ICP-AES) apparatus. Specimens were
cut from the ingot by electric spark linear cutting machine
and solution treated at 485–515 °C for 2–16 h following by
quenching in cold water. After solution treatment, the
specimens were isothermally aged at 200 °C.

The microstructure of the experimental alloys was
observed by Olympus PM-G3 optical microscopy (OM),
JEOL JSM-5800 scanning electron microscopy
(SEM) equipped with energy dispersive spectroscopy
(EDS) and Technai 30F transmission electron microscopy
(TEM). TEM specimens were prepared by twin jet elec-
tropolishing in a solution of 25% HNO3 and 75% methanol
cooled down to −20 °C. Further thinning was performed
using low energy ion beam milling. The grain size of the
experimental alloys was measured by using linear intercept
method. The X-ray diffraction (XRD) was performed on

X’Pert PRo MPD instrument in the scanning angle of
20°–90°, using CuKa (k = 0.154 nm) as the radiation source.
Vickers hardness teats were carried out using 49 N load with a
holding time of 15 s, and HV value was calculated by aver-
aging at least 10 points to reduce the error. Tensile tests were
performed by using cylindrical specimens with a gauge length
of 28 mm and a diameter of 5 mm at a strain rate of
6 � 10−4 s−1 on a Zwick 150 type universal tensile testing
machine at room temperature. At least three specimens
were tested at each condition to ensure the reproducibility of
the data.

Results and Discussion

Microstructures of the As-Cast and Solution
Treated Alloy

Figure 1 shows the OM and SEM images of as-cast Mg–Gd–
Nd–Zr alloys. The microstructure of the experimental alloy
was composed of dendritic a-Mg and semi-continuous
eutectic structure distributed along grain boundaries, as
shown in Fig. 1a, and the average grain size was about
120 lm. In the magnified SEM image shown in Fig. 1b, the
black matrix, boned-shaped eutectic structure along the grain
boundaries, cuboid phase and rod-shaped phase were
observed, which are indexed by A, B, C and D, respectively.
In addition, the corresponding EDS results were also listed in
Table 1. According to XRD patterns of the experimental alloy
in different states shown in Fig. 2, the black matrix and
eutectic structure can be determined to be a-Mg and
a-Mg + b-Mg5(Gd, Nd) eutectic, respectively. For the
rod-shaped phase, its composition was determined to be
Mg-0.6Gd-7.65Zr (at. %) by EDS analysis, which was
thought to be Zr-rich cluster and acted as the nucleation site
for a-Mg during solidification, leading to the grain refinement
[16]. The cuboid phase will be discussed below. It was worth
noting that the cuboid phase and Zr-rich clusters were not
detected in the XRD patterns due to the low volume fraction.

Fig. 1 Microstructures of as-cast
experimental alloy: a OM image
and b SEM image
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Figure 3 shows the microstructure of the experimental
alloys solution treated at the different heat treatment condi-
tions. As shown in Fig. 3a, b, it can be found that the second
phase was not dissolved into the matrix entirely after solu-
tion treated at 485 °C for 16 h or at 500 °C for 8 h,
respectively. In contrast, after solution treated at 515 °C for
4 h shown in Fig. 3c, the second phase was almost dissolved
into matrix and many small cuboid phases were precipitated
within matrix and along the grain boundaries, which were
confirmed by the XRD analysis, as shown in Fig. 2. Com-
pared with the as-cast alloy, the grain size of solution treated
alloy increased slightly, about 140 lm. Further prolonging
the solution time to 8 h, some grains began to grow up
abnormally, as shown in Fig. 3d, and the average grain size
was about 224 lm. Therefore, the optimal solution treatment
parameter was determined to be 515 °C for 4 h, in which the
second phases were almost dissolved into the matrix and the
average grain size did not increase remarkably. Furthermore,
it was worth noting that the grains did not grow up distinctly
when cuboid phases existed along the triple grain bound-
aries, as donated by black circles in Fig. 3c, d, indicating
that the cuboid phases distributed along the triple grain
boundaries can inhibit the grain growth at some extent.

The morphology of the cuboid phases in the alloy
solution treated at 515 °C for 4 h was shown in Fig. 3e and
the corresponding EDS result was shown in Fig. 3f, which
revealed that these particles were RE-rich phase. Combined
with the XRD pattern shown in Fig. 2, the RE-rich phase
can be determined to be GdH2 compound. These particles
were also confirmed by selected-area diffraction patterns of
the cuboid phase shown in Fig. 4b. It can be indexed to fcc
GdH2 precipitate with a = 0.524 nm, which is almost the
same as the reported value of 0.5293 nm [17]. Yang et al.
[18] identified the formation of hydride NdH2 in the solu-
tion treated Mg–Nd binary alloy and proposed that the
formation of hydride NdH2 occurred during annealing
treatment by the reaction of previously existed hydrogen
with Nd. Another mechanism that the formation of hydrides
was attributed to the decomposition of Mg-RE intermetallic
phases by hydrogen was proposed by Zhu et al. [19].
Furthermore, Huang et al. [20] studied the influences of
alloying element REs and heat treatments on the formation
of hydrides in Mg-RE alloy and considered that the for-
mation mechanism was attributed to the surface reaction of
Mg-RE alloys with water. Therefore, at present, the
responsible formation mechanisms for the RE-rich phases
are still argued even if the identification of the RE-rich
phases has been solved. Further investigations are still
needed.

Ageing-Hardening Response and Microstructure
After Aged Treatment

Figure 5 shows the age-hardening curve of the experimental
alloy aged at 200 °C. The hardness increased rapidly at first
with prolonging the ageing time, and reached the peak of
105 HV after 32 h. Further ageing led to a slight decline in
hardness. The OM image of the peak-aged alloy was shown
in Fig. 6. The GdH2 phases were non-uniformly distributed
along the grain boundaries and within the matrix and no
obvious grain growth was observed after ageing (the average
grain size was about 143 lm), which was similar to the OM
image of solution treated alloy. According to the XRD
pattern shown in Fig. 2, the microstructure of the peak-aged
alloy was composed of a-Mg, Mg5Gd and GdH2.

Fig. 2 XRD patterns of the experimental alloys in different state in
which, as-cast, T4: 515 °C/4 h (solution treated), T6: 200 °C/32 h
(peak-aged)

Table 1 EDS results of as-cast experimental alloy in Fig. 1b (at.%)

Positions Mg Gd Nd Zr Phase

A 99.71 0.29 – – a-Mg

B 93.77 2.50 3.73 – a-Mg + Mg5Gd

C 88.71 8.81 2.48 – Cuboid phase

D 91.75 0.60 – 7.65 Zr-rich cluster
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Fig. 3 a OM image of the alloy
solution treated at 485 °C for 16 h;
b OM image of the alloy solution
treated at 500 °C for 8 h; c OM
image of the alloy solution treated
at 515 °C for 4 h; d OM image of
the alloy solution treated at 515 °C
for 8 h; e SEM image of the alloy
solution treated at 515 °C for 4 h;
f EDS result of the cuboid phase
indexed by A in (e)

Fig. 4 TEM image of the cuboid
phase in solution treated
specimen (515 °C for 4 h).
a TEM bright field and b SAED
pattern of the cuboid phase
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Figure 7 shows the grain boundary structure of the alloy
200 °C for 32 h. Precipitates were formed along the grain
boundaries linearly and the precipitate free zone occurred
simultaneous, which was also observed by Zheng et al. [13]
and the precipitates along the grain boundaries was identified
as equilibrium Mg5Gd phase. Figure 8 shows the dispersive
precipitates formed in experimental alloy after aged at 200 °C
for 32 h. Many plate precipitates with the length of about
50 nm and the thickness of about 5 nm were observed in
½01�10�a projections, as shown in Fig. 8a. Furthermore, some
globular particles were also found from B//½2�1�10�a images.
From the SAED pattern shown in Fig. 8b and d that the
diffraction spots at 1=2f01�10g can be clearly seen, and faint
spots at 1=4f01�10g and 3=4f01�10g were also found, which
indicated that the precipitates observed in the T6 state alloy

were b″ with DO19 structure (a * 2aMg = 0.64 nm, c *
cMg = 0.52 nm) and b′ phase with bco structure
(a * 2aMg = 0.64 nm, b * 2.2 nm, c * cMg = 0.52 nm)
[13, 21]. b″ and b′ precipitates can be related to the maximum
hardness.

Mechanical Properties

Figure 9 shows the room temperature mechanical properties
of the experimental alloy in different states in which, as-cast,
T4: 515 °C/4 h (solution treated), T6: 200 °C/32 h
(peak-aged). After solution treatment, the alloy had higher
ultimate tensile strength (UTS), yield strength (YS) and
elongation than those of the as-cast alloy. Further ageing
treatment led to an increase in UTS and YS but a decrease in
elongation. The highest UTS and YS were reached when the
alloy peak-aged at 200 °C for 32 h, about 273.7 and
188.2 MPa, respectively. The elongation significantly
decreased from 7.5% in solution treated state to 4.1% in
peak-aged state.

It is well accepted that many factors, such as grain size,
morphology and distribution of the second phases, have a
significant effect on the room temperature mechanical
properties of an alloy [22]. It should be noted that the grain
size of the experimental alloy in different heat treatment
conditions did not change significantly, as discussed above,
which indicated that the difference in mechanical properties
were mainly attributed to the morphology and distribution of
the second phases. For the as-cast alloy, coarse bone-shaped
a-Mg + b-Mg5(Gd, Nd) eutectic structure distributed along

Fig. 5 Age-hardening curve of the experimental alloy aged at 200 °C

Fig. 6 OM image of the quenched experimental alloy after aged at
200 °C for 32 h

Fig. 7 TEM image of grain boundary structure on the alloy aged at
200 °C for 32 h
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the grain boundaries semi-continuously was prone to frac-
ture due to the local stress concentration during tensile test,
which was detriment to the mechanical properties, and
thereby the as-cast alloy had the lowest fracture strength. In
contrast, a-Mg + b-Mg5(Gd, Nd) eutectic structure was
dissolved into the matrix after solution treatment, which
significantly reduced the regions for crack initiation [23],
and many tiny GdH2 were precipitated within the matrix and

along the grain boundaries, which could impede the dislo-
cation slip at some extent. The improved mechanical prop-
erties were mainly attributed to the solid solution
strengthening. After ageing treatment, dispersive b″ and b′
precipitates formed within the matrix. Although solid solu-
tion strengthening contribution decreased due to the fact that
the matrix was depleted of solute as the precipitation process
proceeded, precipitation strengthening contribution caused
by b″ and b′ precipitates increased significantly. Therefore,
precipitation strengthening was the major contributor to the
high strength of T6 state alloy.

Conclusions

Microstructure and mechanical properties of
Mg-7.71Gd-2.39Nd-0.17Zr alloy after heat treatment were
investigated systematically. The main conclusions can be
drawn as follows:

(1) The microstructure of the as-cast Mg-7.71Gd-
2.39Nd-0.17Zr alloy was composed of a-Mg matrix,
bone-shaped a-Mg + b-Mg5(Gd, Nd) eutectic, a little
mount of small cuboid phase and Zr-rich cluster within
a-Mg matrix.

Fig. 8 TEM images and SAED
patterns for 200 °C/32 h aged
alloy with B//½01�10�a in (a, b),
and B//½2�1�10�a in (c, d)

Fig. 9 Tensile properties of the experimental alloy in different state in
which, as-cast, T4: 515 °C/4 h (solution treated), T6: 200 °C/32 h
(peak-aged)
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(2) The optimal solution treatment parameters were deter-
mined to be 515 °C for 4 h, in which bone-shaped
a-Mg + b-Mg5(Gd, Nd) eutectic was almost dissolved
into a-Mg matrix and the grain size was increased
slightly. Some tiny GdH2 particles were precipitated
along the grain boundaries and within a-Mg matrix.

(3) After ageing treatment at 200 °C for 32 h, the peak
hardness of 105 Hv was achieved. The UTS, YS and
elongation of the alloy at room temperature were 273.7,
188.2 MPa and 4.1%, respectively, which was mainly
attributed to the dispersive b″ and b′ precipitates formed
within the matrix.
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Superplasticity in a Chip-Consolidated
Mg97Zn1Y2 Alloy with LPSO Phase

Kazuha Suzawa, Shin-ichi Inoue, Michiaki Yamasaki,
Yoshihito Kawamura, Michimasa Miyanaga, Katsuhito Yoshida,
and Nozomu Kawabe

Abstract
Novel Mg97Zn1Y2 alloy of equiaxed fine grains with
long-period stacking ordered (LPSO) phase was prepared
by consolidation of chips machined from a twin-roll-cast
alloy. The chip-consolidated Mg97Zn1Y2 alloy exhibited
superplasticity at a wide initial strain-rate ranging from
1 � 10−3 to 3 � 10−1 s−1 at temperatures of 623 and
673 K. The maximum elongation was approximately
560% at 3 � 10−2 s−1 at 673 K. The strain rate sensitiv-
ity index (m-values) was shown to be greater than 0.3 in
this study; this value seems to be large enough to ensure
uniform elongation during superplastic deformation.
SEM/EBSD measurements revealed that the
chip-consolidated Mg97Zn1Y2 alloy was composed of
mixed equiaxed fine-grains of a-Mg and LPSO phases of
a mean size of *1 lm. The grain boundary sliding in the
equiaxed fine-grains appears to account for most of the
mechanism of superplastic deformation in this alloy.

Keywords
Mg–Zn–Y � Long-period stacking ordered phase
Chip consolidation � Superplasticity

Introduction

Varieties of high-strength Mg alloys of increased ductility
have been extensively developed in recent years in hopes
that they will find wider use in automotive, aerospace, and

biomaterial applications [1, 2]. Among others, the novel
Mg97Zn1Y2 (at.%) alloy which was developed in 2001 by a
process of rapidly solidified powder metallurgy (RS P/M)
has two claims to a special mention: it not only exhibits a
significantly high yield strength of 610 MPa and reasonable
elongation of 5% at room temperature [3], but also has
high-strain-rate superplasticity with an elongation as large as
*800%. The RS P/M Mg97Zn1Y2 alloy microstructurally
features nanocrystalline a-Mg grains embedding novel
long-period stacking ordered (LPSO) structure [4].
The LPSO phase in the Mg97Zn1Y2 alloy constitutes mainly
the 18R structure (Ramsdell notation) with a close-packed
plane stacking sequence of ABABAB|CACACA|BCBCBC.
Both Zn and Y elements are enriched in four atomic fcc
layers sandwiching intrinsic stacking faults in the closely
packed plane at six period intervals, and in-plane long-range
ordering of Zn and Y atoms occurs in the quadruple atomic
layers, thereby forming L12-typed Zn6Y8 clusters, locally
and periodically [5]. The LPSO phase acts as an
alloy-strengthening phase owing to a unique atomic
arrangement. More recently, it has been found that the LPSO
phase forms in cast ingots as well as in rapidly solidified
alloys. With the Mg–Zn–Y Mg/LPSO two-phase alloys
prepared by conventional thermo-mechanical methods, such
as extrusion and rolling, excellent mechanical properties
have also been brought to light [6–8]. The extruded
Mg97Zn1Y2 alloy features a multimodal microstructure. The
multimodally grained Mg–Zn–Y alloy consists of three
regions; a dynamically recrystallized (DRXed) a-Mg
fine-grain region, a hot-worked a-Mg grain region, and a
hot-worked LPSO phase grain region [8]. The DRXed fine
a-Mg grains are effective at increasing ductility, whereas the
fiber-textured a-Mg and LPSO coarse grains strengthen the
alloys. In a ward, multimodal microstructure development
helps improve both the strength and ductility of the alloy,
but being heterogeneous by nature, the multimodal
microstructure can be detrimental to the superplasticity of
the resultant alloy. In this study, we sidestepped this problem
by a fortunate combination of a novel Mg/LPSO two-phase
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alloy composed of equiaxed fine-grains and a new technique
of chip-consolidation combined with twin-roll casting.
Twin-roll casting with high cooling rate was adopted to
obtain a fine dendrite structure of a-Mg and LPSO phases
and a novel Mg97Zn1Y2 alloy of equiaxed fine grains was
prepared by consolidation of chips machined from a
twin-roll-cast master alloy. Superplastic behavior and the
microstructure of the Mg97Zn1Y2 alloy obtained by consol-
idating chips made from a twin-roll cast alloy was examined
by high temperature tensile testing, SEM observation, and
electron backscatter diffraction (EBSD) analysis.

Experimental

The master alloy sheet of nominal composition, Mg97Zn1Y2

(at.%), was prepared by twin roll casting in air. Alloy chips
were prepared by machining the cast alloy in a milling
machine. Machined chips were pressed into a copper billet,
degassed for 15 min at 523 K. The extrusion was performed
at an extrusion ratio of 15 at 623 K. The schematic diagram
of chip-consolidation combined with twin-roll casting is
shown in Fig. 1. The tensile test was carried out in an
Instron-type tensile testing machine at initial strain rates of
1 � 10−3 s−1, 1 � 10−2 s−1, and 1 � 10−1 s−1 at 623 K,
and 3 � 10−3 s−1, 3 � 10−2 s−1, and 3 � 10−1 s−1 at
673 K. The specimen had a gauge length of 10 mm and a
gauge diameter of 2 mm. The tensile direction was parallel
to the direction of extrusion. The microstructure of the
specimens was investigated by scanning electron micro-
scopy (SEM; JEOL JSM-7001F) before and after the tensile
test. The textures of the alloys were analyzed by electron
back-scatter diffraction (EBSD) analysis. SEM specimen
was polished by a cross-section polisher (JEOL SM-09010).

Results and Discussion

Figure 2 shows SEM images taken from the longitudinal
section of the Mg97Zn1Y2 alloy prepared by consolidation of
chips machined from a twin-roll-cast (TRC) alloy. When
examined by SEM back scatter electron (SEM-BSE)
microscopy, LPSO phase grains seemed to be elongated in
the direction of extrusion at low magnification (Fig. 2a), but
at high magnification the LPSO phase grains looked frag-
mented during consolidation by extrusion (Fig. 2b).

Figure 3 shows an inverse pole figure (IPF) map taken
from the longitudinal section of the Mg97Zn1Y2 alloy pre-
pared by consolidation of chips machined from a TRC alloy.
This IPF map indicates that the chip-consolidated
Mg97Zn1Y2 alloys (extrusion ratio was 15, extrusion tem-
perature was 623 K) consists of equiaxied fine grains with a
mean grain size of *1 lm with random crystallographic
orientation. It was known that the LPSO phase-containing
Mg–Zn-rare earth alloys developed a strong \10�10[ fiber
texture considered LPSO-stimulated during extrusion of the
Mg/LPSO two-phase cast alloy [9, 10]. In the case of
TRC-chip-consolidated Mg–Zn–Y alloy, however, texture
evolution was not observed. Chipping of the TRC alloy may
bring about LPSO grain fragmentation which in turn pre-
vented LPSO-stimulated texture evolution.

Figure 4 shows nominal stress-strain curves for the
TRC-chip-consolidated Mg97Zn1Y2 alloy at several strain
rates at 623 K. The stress-strain behavior of the alloy
exhibited a substantial increase in flow stress with increasing
strain rate, suggesting that the alloy is highly sensitive to the
strain rate. Elongation at strain rates of 1 � 10−3 s−1 and
1 � 10−2 s−1 exceeded 200%. Figure 5 shows nominal
stress-strain curves for the alloy at 673 K. The flow stress
was reduced significantly when the testing temperature was

twin roll cas ng chipping 
compac on

into billet
vacuum 

Degassing
consolida on

(extrusion) 

Fig. 1 Schematic diagram for the chip-consolidation processing combined with twin-roll casting
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increased from 623 to 673 K. It should be noted, however,
that elongation increased with increasing testing tempera-
ture, with elongation exceeding 200% in the all specimens
examined in this study and even reaching 560% at a strain
rate of 3 � 10−2 s−1 at 673 K.

Figure 6 shows change in the elongation as a function of
initial strain rate. Strain rate-dependence of elongation can
be depicted as convex curves at both temperatures of 623

and 673 K. The strain rates that induced maximum elonga-
tion at 623 and 673 K were 1 � 10−2 s−1 and 3 � 10−2 s−1,
respectively. Optimum strain rate moved from low strain rate
to high.

Figure 7 shows the variation in flow stress as a function of
strain rate at different temperatures. Flow stresses for tensile
deformation at 623 and at 673 K increased with increasing
strain rate. The strain rate sensitivity indices (m-values) for the
deformation at 623 K and at 673 K were 0.32 and 0.39,
respectively. Given that with conventionalmetals, them-value
does not exceed 0.3 even at elevated temperatures, it may well
be greater than 0.3 for superplastic materials [11, 12].

Fig. 2 a, b SEM images taken from the longitudinal section of the Mg97Zn1Y2 alloy prepared by consolidation of chips machined from a TRC
alloy. Magnifications of (a) and (b) were 1400x and 7000x, respectively

Fig. 3 Inverse pole figure map taken from the longitudinal section of
the Mg97Zn1Y2 alloy prepared by consolidation of chips machined
from a TRC alloy. Magnification was 1400x
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Fig. 4 Stress-strain curves for the TRC-chip-consolidated Mg97Zn1Y2

alloy at 623 K
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For materials to be accepted as superplastic are required
to achieve at least 200% elongation in uniaxis tension. In
this study, 200% or larger elongation and 0.3 or higher m-
values were observed with the TRC-chip-consolidated
Mg97Zn1Y2 alloy at strain rates ranging from 1 � 10−3 s−1

to 1 � 10−2 s−1 at 623 K and from 3 � 10−3 s−1 to
3 � 10−1 s−1 at 673 K. Our results may be taken as

evidence to suggest that the alloy under discussion is a
high-strain-rate superplastic material. In addition, the high
m-values suggest that the grain boundary sliding of Mg
grains account for most of the mechanism of superplastic
deformation in the TRC-chip-consolidated Mg97Zn1Y2 alloy
[13].

It is well known that grain boundary sliding takes place
more easily with grain refinement. Mukai et al. reported that
the grain size required to cause superplastic forming at high
strain rates was estimated to be *2 lm with commercially
available Mg alloys [14]. Thermo-mechanical treatment, if
adequate, enables commercially available Mg alloys to
promote dynamic recrystallization whereby equiaxed fine
grains of a grain size of less than 2 lm are formed.
With LPSO phase-containing Mg alloy, on the other hand,
LPSO grains hardly recrystallize during thermo-mechanical
treatment but for kink deformation and LPSO-stimulated
texture evolution that easily occur [8–10, 15]. Coarse and
strong textured LPSO grains lead to low elongation of the
extruded Mg/LPSO alloys. To overcome these problems we
attempted in this study to establish a new technique by
combining chip-consolidation processing and twin-roll
casting. Chipping the twin-roll-cast alloy that possesses a
fine dendrite structure of a-Mg and LPSO phases on one
hand and extruding chips on the other one can form
equiaxed fine grains of a mean grain size of more than 2 lm.
Fragmentation of LPSO grains by chipping treatment may
be effective for formation of equiaxed grain with random
crystallographic orientation [16].
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Fig. 5 Stress-strain curves for the TRC-chip-consolidated Mg97Zn1Y2

alloy at 673 K
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Fig. 6 Change in the elongation as a function of strain rate in the
tensile testing for the TRC-chip-consolidated Mg97Zn1Y2 alloy
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Fig. 7 Variation in the flow stress as a function of strain rate in the
tensile testing for the TRC-chip-consolidated Mg97Zn1Y2 alloy
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Summary

Fine grained Mg/LPSO two-phase alloy was prepared by
consolidation of chips machined from a twin-roll-cast
Mg97Zn1Y2 alloy. Its microstructure and superplastic behav-
ior were investigated. The results are summarized as follows.

(1) The TRC-chip-consolidated Mg97Zn1Y2 alloy was
composed of the a-Mg and LPSO phases, and the a-Mg
and LPSO grains had a mean grain size of *1 lm.
A stacking fault-like LPSO phase was frequently
observed inside a-Mg grains.

(2) The TRC-chip-consolidated Mg97Zn1Y2 alloy exhibited
superplasticity at temperatures of 623 and 673 K. Large
elongation of *560% was observed at an initial strain
rate of 3 � 10−2 s−1 at 673 K. Given that the m-value
showed more than 0.3 for all tensile tests in this study,
the large m-values may be taken as evidence to support
that uniform elongation occurs during superplastic
deformation.
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Technological Solutions to Apply
Magnesium Bulk Materials in Dynamic
Bending and Axial Compression Load Cases

Elmar Beeh, Horst E. Friedrich, Philipp Straßburger, William Altenhof,
Ping Zhou, Michael Worswick, and Samuel Kim

Abstract
Typical magnesium bulk materials, like AZ31B, show
high potential to reduce vehicle weight in automotive
applications. Technical limitations are coming from the
material behavior under crash loads, where a risk of
catastrophic failure is given in buckling deformation
modes. To potentially implement magnesium into new
applications, the behavior of magnesium AZ31B struc-
tures in dynamic bending and axial compression load
cases have been studied. In structures with a bending
load, such as a bumper, the stabilization of the section of
the profile leads to a significant improvement of specific
energy absorption and to a lower risk of catastrophic
failure. Rectangular section beams have been constructed
and tested by using the quasi-static/dynamic three-point
bending facilities at German Aerospace Centre (DLR)—
Institute of Vehicle Concepts. For axial loads, cutting or
peeling mode based mechanisms have been developed
and investigated, which allow the use of magnesium in
these challenging applications.

Keywords
Magnesium alloy � Three-point bending
Tension-compression asymmetry � Energy absorption
Cutting

Introduction

Driven by lightweight goals, magnesium and its alloys have
attracted increasing attention in the transportation industry
due to their inherent advantages such as low density, high
strength-to-weight ratio, high damping resistance and easy
recycling [1]. Up to now, the majority of the applications of
Mg alloys are high pressure die castings (HPDC), such as
transmission cases, instrument panels and door inners [2].
Recently, there is a desire to employ Mg alloys as crash-
worthy automotive components; therefore more attention has
been paid on wrought Mg alloys, i.e. rolled sheets and
extrusions, which generally exhibit higher strength and
greater ductility than Magnesium HPDCs. Compared with
cast and forged magnesium alloys, wrought magnesium
alloys (i.e. rolled sheets and extruded profiles) exhibit better
mechanical properties, including higher strength and duc-
tility and accordingly better energy absorption performance.
However, the ductility and formability of wrought magne-
sium alloys at room temperature are relatively poor com-
pared with commonly-used steels and aluminium alloys,
resulting in difficulties with the rolling/forming/stamping
processes of magnesium sheets and their crashworthiness
applications.

Crash load cases play a major role for many components
in vehicle applications. In addition to the body structure,
doors and tailgates, seats and other interior components must
also be crashworthy. In terms of structural applications for
crash related areas, much attention in the past decade have
been paid to the deformation mechanisms and mechanical
behavior of magnesium alloy thin-walled structures sub-
jected to axial compressive loads. Wagner et al. [3, 4]
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studied the deformation characteristics of magnesium AM30
extruded beams and AZ31 sheet beams in axial crushing. In
such cases, magnesium beams do not produce the so-called
accordion shaped deformation mode [5] like steel and alu-
minum beams; instead, they crack and split into large frag-
ments. Steglich et al. [6] assessed the crashworthiness of the
rectangular tubes made of magnesium AZ31/ZE10 sheet and
extrusion under quasi-static axial crushing. It was observed
that the higher work hardening rate in uniaxial compression
tests contributes to higher energy absorption by the forma-
tion of multiple material folds.

For bending load cases, where a loaded structure sees
separated zones of tension and compression loads, the strong
tension-compression asymmetry of typical magnesium bulk
materials is the dominating material property which has to be
addressed in an engineering design process. It has been
extensively reported over the past years, that the
tension-compression asymmetry of wrought magnesium
alloys represents not only a much lower yield stress in
compression than in tension, but also a distinct difference of
strain hardening rate between tension and compression [7–
15]. In stage II of a stress-strain curve in compression,
wrought magnesium alloys show high strain hardening rates
due to multiple slip and interactions among dislocations on
non-parallel planes. It was considered that the strong strain
hardening brings advantages on energy absorption in bend-
ing and buckling modes compared with steels and alu-
minium alloys because the large radius of curvature of the
bent sheets may have been caused by the strong strain
hardening [16–18]. Because of the low yield strength under
compression compared to steel and aluminium, these theo-
retical potentials will only lead to lighter magnesium parts, if
the structures are well designed and optimized by precise
numerical simulations.

Relevant Properties of Mg AZ31B

For the development of concept ideas and the validation with
structural tests, a commercial-grade magnesium alloy
AZ31B (Mg–3Al–1Zn, wt%) in the form of cast-rolled
sheets with 1.80 and 2.92 mm thicknesses and extruded
profiles with 3 mm wall thickness have been used. This Mg
alloy has an elastic modulus of 45 GPa and a density of
1.77 g/cm3.

The test results shown in Fig. 1 have been measured by
quasi-static tensile and compression testing on a universal
testing machine Zwick/Roell Z250. The dimensions of the
specimens used for tension testing are outlined in the stan-
dard ASTM E8-11 with a gage length of 50 mm. For each
specimen, the longitudinal strain along the gage length was
recorded by a sensor arm extensometer. Simultaneously, the
ARAMIS® two-dimensional digital image correlation

(2D-DIC) system (GOM GmbH, Germany) was used to
measure the longitudinal strain and transverse strain.

For uniaxial compressive testing, a new
simply-constructed testing method recently developed by the
current authors [20] was employed. For convenience, the
new method will be briefly introduced here. As shown in
Fig. 2, the thin-sheet specimen is clamped by the back
anti-buckling plate and the two front anti-buckling plates.
The compressive load is introduced via the both ends of the
specimen. A special thin-sheet specimen with a single-sided
groove in the parallel section was developed, as shown in
Fig. 3a–c. The reduced thickness leads to an off-axial load
which generates a bending moment Mp over the parallel
section, as shown in Fig. 3d. The self-balance between the
bending moment Mp and the normal force Np exerted by the
back anti-buckling plate prevents the buckling.

Possible Areas of Application for Magnesium
Bulk Materials

To utilize magnesium bulk materials in structural applica-
tions, e.g. in vehicle structures, it’s crucial to understand the
functional requirements, where the material properties can
lead to lightweight potential. Currently magnesium sheets
are often suggested to be used in plane structures like roof
panels or inner reinforcement panels for the engine hood
(Fig. 4).

Even if magnesium shows only a low elastic modulus, the
material can benefit from a high specific bending stiffness.
As a result of the very low density of magnesium, the
geometrical moment of inertia, achieved by thicker wall
thickness, overcompensates the low elastic modulus.

Fig. 1 Quasi-static tensile/compressive true stress/strain responses for
magnesium alloy AZ31B (RD—rolling direction, DD—diagonal
direction, TD—transverse direction) [19]
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A similar effect can be used beneficially by building
sandwich-like structures, with thin walled magnesium
extrusions. These parts currently are limited regarding their
geometrical complexity, but can be potentially implemented
for flat floor structures or the back rest of the rear seat in
cars.

Further potential application is in using magnesium bulk
materials in crash related structures with a bending-dominant
load. These kinds of structures, namely, bumpers or door
reinforcements, are typically dimensioned by the crash
loadcase and see only low static loads in normal use. For
achieving lightweight potential in such a structural area, it is
necessary to utilize tension-compression asymmetry together
with the strong work hardening of magnesium bulk materi-
als. The design of such a component requires a dynamic
simulation based design process, where the
tension/compression asymmetry, the energy absorption
through plastic deformation, the work hardening and the rate
sensitivity of material properties are considered.
DLR-Institute of Vehicle Concepts has done the required
research to be capable to perform these kinds of design

Fig. 2 Schematic illustration of the new uniaxial compression testing
apparatus, including parts: ① compression platen, ② back
anti-buckling plate, ③ front upper anti-buckling plate, ④ front lower
anti-buckling plate, ⑤ grooved thin-sheet specimen, ⑥ nuts, ⑦ pin
bolts, ⑧ spring washers, ⑨ base support [20]

Fig. 3 Design concept of the
grooved thin-sheet specimen:
a front view; b left view; c detail
view; d free body force diagram
[20]

Fig. 4 Roof structure made from
(left) and inner hood designed for
magnesium sheet (right) [21]
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processes. The potential applications will be shown in the
next section.

Concept and Solution for Applying
Magnesium in Vehicle Structures Bending
Loads

The main objective for utilizing the material properties of
wrought magnesium is to exploit the strong
tension/compression asymmetry and the significant com-
pression work hardening. Especially in load cases where the
tension and compression zones are clearly separated within a
larger deformation, the properties of magnesium can be
beneficial. In components such as the rocker panel, bumper
or door impact beam a profile is loaded transversely. This
produces compressive stresses on the inside and tensile
stresses on the outside.

One way for optimizing the design is to distribute
material asymmetrically in the profile section, so that more
material is located in the compressive stress area (see Fig. 5).
This design leads to a compensation of the
tension/compression asymmetry, but it will be hard to bal-
ance and utilize the work hardening effect in a beneficial

way. Compressed areas generally tend to fail earlier due to
buckling or kinking. Providing members with core structures
(e.g. foam cores) is an effective method of avoiding pre-
mature buckling or kinking by reinforcing the cross-section
of the member. For structures fabricated from DC04 steel it
was possible to increase the weight-specific energy absorp-
tion by a factor of 3 [22], where in this case the tension side
of the member was very heavily elongated.

To investigate the behavior of magnesium in this load
case, quasi-static and dynamic three-point bending tests
were performed to investigate the deformation modes,
fracture and energy absorbing performance of rectangular
tubes. For these basic tests no asymmetric material distri-
bution was chosen. As shown in Fig. 6, Mg AZ31B sheets
with 1.8 mm wall thickness were bent cold to form half
shells and then welded to complete profiles with dimen-
sions 130 mm by 88 mm using shielding gas. The bending
radius used was 20 mm, because a smaller radius would
have pre-damaged the part. Extrusions from the same
material and a similar outer shape have been produced with
a wall thickness of 3 mm. For both profile variants the
length was 1650 mm. The profiles destined for foam filling
were provided with a cataphoretic coating in order to
guarantee a good bond between the foam and the profile.
The profiles were then filled by DOW Chemical Company
with BETAFOAM in three different densities (200, 300
and 400 kg/m3).

The three-point bending rig consisted of two fixed lower
supports having a diameter of 96 mm, and an upper indenter
with a 300 mm diameter. The two fixed lower supports
provided a beam span of 1368 mm. Quasi-static bending
tests were conducted at a constant speed of 60 mm/s and at a
maximum penetration distance of 450 mm, using an MTS
horizontal servo-hydraulic testing machine with a 250 kN
load cell. Dynamic bending tests were performed on the
DLR-dynamic component testing system, a moving sled
with a mass of 767 kg, an acceleration sensor and 3
Photron FASTCAM SA3 high-speed-cameras, which can
also measure speed and displacement. The dynamic loads

Fig. 5 Profile with asymmetric material distribution in tension and
compression loaded areas

Fig. 6 Cross-sections of
empty/foam-filled magnesium
beams. Note All dimensions are
in millimetres [19]
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were calculated from the mass and deceleration of the
moving sled mass. The dynamic tests were conducted at an
initial speed ranges from 1.8 to 6 m/s.

The properties of the hollow profiles were compared to
those of the foam filled profiles in quasi-static and dynamic
3-point bending tests. Figure 7 shows the results of the
quasi-static test.

Both the sheet and the extruded hollow magnesium pro-
files outperformed the steel tube with an higher specific
energy absorption but it has to be considered that hollow
AZ31 profiles are effected by very early fracture of local
areas and that the steel grade DC04 is normally not used for
structural applications because of its low yield strength.

The reason why DC04 was used here was the very high
breaking elongation of this steel material which will lead to a
strong increase in the SEA for the foam filled profile. Fig-
ure 8 shows the results for SEA for the different tests.
The SEA for DC04 steel increases by more than three times,
while for magnesium profiles with BETAFOAM200 the
SEA approximately doubles. The magnesium sheet profile
achieves a value of SEA more than 100 J/kg greater than
that of the steel profile. Using this option the component
does not fracture in either the quasi-static or the dynamic
test.

The analysis of the deformation behaviour is interesting.
In the bending loadcase the steel profiles are strongly elon-
gated on their tension side, while the Mg profiles show
strong plastification on the compression side (Fig. 9). This is
caused by the pronounced asymmetry in the compressive
and tensile properties of magnesium, so that the

plastification is concentrated on the weaker compression side
there. This can be beneficially exploited in this application,
because this effect, in conjunction with an optimal foam
filling, means that the deformation can be distributed across
a large area. Using this design it is possible to beneficially
make use of tension/compression asymmetry and the work
hardening effect of magnesium sheets and extrusions and to
utilize this material in crash related areas with bending load
cases.

Solutions for Applying Magnesium in Axial
Load Cases

In the case of an accident, front and rear crash structures and
the vehicle side members typically convert energy through
deformation, generally by regular buckling behavior. The
deformation capacity of magnesium sheets and profiles is
generally insufficient to meet such demands. Together with
the University of Windsor (UW), Canada, DLR is working
on concepts for utilizing magnesium as a crash absorber. The
fundamental idea is to utilize cutting or peeling processes for
energy absorption. These kinds of processes, which are
usually used for machining, are well known in industrial
production. It is well known, that many light metals, even if
they have a low breaking strain, possess a good machin-
ability. UW’s concept is to longitudinally disintegrate
magnesium profile tubes using cutting blades. DLR’s con-
cept is to peel the outer skin of a metallic load bearing
structure, like e.g. the crashbox or the longitudinal rail.

Fig. 7 Force-displacement
responses of quasi-static 3-point
bending tests compared to former
tests with steel DC04
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Figure 10 shows on the left a specimen after a quasi-static
axial cutting test with a 4-blade cutting tool, performed on a
hydraulically operated long-stroke Tinius Olsen compres-
sion testing machine. The extrusion was positioned such that
the longitudinal axis was parallel to the motion of the
crosshead and centered within the platen. The deformation
behavior was noted to be stable, repeatable amongst addi-
tional tests, and also controlled the force response as a
function of material thickness.

Figure 10 shows on the right the force/displacement
response which exhibits a very constant force during

deformation. It can be seen, that with the cutting principle,
magnesium can be used to absorb energy in axial load cases
without a tendency of fracture or failure. Together with the
University of Waterloo, University of Windsor and DLR
have developed a cutting absorbing device which can be
applied for very precise energy absorption in crash test
facilities. DLR further is working on axial crash absorbers
using peeling of the outer skin of a metallic tube, which have
been investigated successfully with Aluminium tubes. It is
expected that Magnesium show similar properties like the
Aluminium.

Fig. 8 Comparison of SEA of hollow and foam filled steel and magnesium profiles

Fig. 9 Comparison of the deformation of the different profiles at the onset of cracking
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Summary

To apply magnesium bulk materials in lightweight struc-
tures, the special properties of these alloys, especially the
tension/compression asymmetry and the strong work hard-
ening under compression need to be considered. Beside
applications in larger plane areas or as flat extrusions, e.g. in
the vehicle floor area, especially applications with bending
load cases, such as bumpers or door crash beams can benefit
from the special properties of bulk magnesium. Tests with
AZ31B-profiles show the potential of foam-filled profiles for
that kind of applications. For axial load cases, a possible
solution to apply magnesium is, to change the energy
absorption mechanism from buckling to cutting/peeling.
Results of tests, which have been performed at the Univer-
sity of Windsor, Ontario show the potential of this concept.
The future objective of the partners in Canada and Germany
is to investigate in detail the magnesium cutting and peeling
tube potentials, because this will open up new application
fields for magnesium profiles.
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Mechanical Properties
of Thermo-Mechanically Treated Extruded
Mg–Zn-Based Alloys

Daria Drozdenko, Patrik Dobroň, Juraj Olejňák, Marius Hegedüs,
Klaudia Horváth, and Jan Bohlen

Abstract
Mechanical properties of extruded Mg alloys are signif-
icantly influenced by the activation of extension twins
during compression along the extrusion direction (ED) be-
cause of a strong texture with basal planes oriented
parallel to ED. At the same time, the heat treatment is also
supposed to tune mechanical properties via strengthening
or softening mechanism. The influence of heat treatment
on the mechanical behavior of Mg–Zn-based alloys with
an addition of Ca and Nd in as-extruded state and after
pre-compression (i.e. partly twinned microstructure) is
discussed in the paper. Difference in distribution of
precipitates for two materials after applying heat treat-
ment at 200 °C for 16 h was observed. Isothermal ageing
of pre-strained samples leads to strengthening in ZN10
alloy and softening in ZX10 alloy.

Keywords
Magnesium � Twinning � Annealing. precipitation

Introduction

As one of the lightest material for engineering use, Mg
alloys have found their application in automotive and aero-
space industry. However, mechanical properties of wrought

Mg alloys are influenced by several factors. Generally, the
hexagonal close-packed (hcp) crystallographic lattice of Mg
together with the texture of wrought material results in
asymmetry and anisotropy of mechanical properties. Due to
lack of sufficient independent slip systems to accommodate
plastic deformation at room temperature (RT), twinning
becomes a key important deformation mechanism [1]. The
{10–12} <10–11> extension twinning provides strain along
the c-axis and by reorientation of the lattice by 86° with
respect to the original lattice leads to activation of disloca-
tion slip in the reoriented lattice. It is known, that formation
of extension twins strongly depends on grain orientation
with respect to loading direction: extension {10–12}
<10–11> twins are activated, when compression is applied
perpendicular to c-axis of hcp lattice [2–4]. Thus, preferred
grain orientation of the material has a significant influence
on twinning activity. Extruded Mg alloys are characterized
by texture with the c-axis of the hcp unit cells in the majority
of grains oriented perpendicular to the extrusion direction
(ED) [5]. Therefore, extension twinning activates during the
in-plane compression along ED rather than during in-plain
tension along ED [6]. Thus, due to the texture of the material
and polar nature of twin formation, the twinning signifi-
cantly influences the yield behavior resulting in
compression-tension asymmetry. It has been reported [7, 8]
that the Ca or rare-earth (RE) elements addition into Mg–Zn
alloys can modify texture and make it weaker, with the
resultant improvement of formability and ductility.

At the same time, pre-strain of textured material can also
influence anisotropy of mechanical properties. For example,
twins are activated during pre-compression along ED affects
tension-compression asymmetry in yield strength (YS) [9].
Twin lamellae introduce (i) twin boundaries into the
microstructure, which acts as obstacles for dislocation slip
and can contribute to hardening of the material; (ii) fraction
of the reoriented lattice, which as was mentioned above
provides a new possibility for activation of dislocation slip.

It was reported that mechanical properties of Mg alloys
are also influenced by solute segregation and precipitation
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[10–16]. For example, the effect of annealing time on yield
stress asymmetry of MN11 alloy with respect to precipita-
tion strengthening was studied in [16].

Combination of mechanical and heat treatment, i.e.
thermo-mechanical treatment (TMT), was found to be
promising for the strengthening of the material and reducing
YS asymmetry. In [17] it was reported that ordered segre-
gation of solute atoms (Zn, Gd) at twin boundaries provides
strengthening these alloys via a pinning effect of twin
boundaries. Similar annealing hardening phenomenon dur-
ing compression tests was observed in pre-strained AZ31
[18]. In work of Zeng et. al. [19] the annealing strengthening
phenomenon of pre-strained Mg–0.3Zn–0.1Ca sheet alloy
was observed at 80–200 °C. It was found that different time
(up to 24 h) of annealing leads to a difference in the mag-
nitude of the strength increment. In case of increasing
annealing temperature (from 200 to 250 °C) strengthening
effect disappeared. The reasons for annealing strengthening
in Mg–Zn–Ca were studied in detail by transmission elec-
tron microscopy [19]. It was concluded, that strengthening is
caused by the pinning of gliding dislocations by GP zones
and solute atoms have been segregated to the basal
dislocations.

In our previous work [20] we analyzed the impact of
TMT on solute segregations, precipitates along grain and
twin boundaries and therefore on deformation behavior of
extruded binary Mg–Zn alloy. As a continuation of previous
work, present study is focused on using thermo-mechanical
treatment (TMT), i.e. pre- compression (to introduce twins)
followed by heat treatment, for ternary Mg–Zn-based alloys
with an addition of Ca and Nd. Present paper provides
preliminary characterization of effect of TMT on mechanical
properties of material with pronounced texture.

Main aim of present work is to investigate the influence
of pre-strain and heat treatment on mechanical properties,
particularly yielding behavior, of Mg–Zn-based alloys with
an addition of Ca and Nd.

Experimental Procedure

The ZX10 (Mg 1wt% Zn 0.2 wt% Ca) and ZN10 (Mg 1wt%
Zn 0.5wt% Nd) magnesium alloys were indirectly extruded
at 400 and 480 °C, respectively. The extrusion speed was set
to 2.3 and 0.5 mm/s for ZX10 and ZN10 alloys, respec-
tively. The extrusion ratio for both materials was set to 1:25
to achieve a final diameter of extruded bar of 10 mm.
Specimens with a length of 14 mm and a diameter of
9.5 mm were machined from the round bar parallel to ED. In
order to investigate the influence of the thermo-mechanical
treatment on mechanical properties of materials, samples
were firstly pre-compressed up to a selected level of stress
and then subjected to heat treatment (HT) at 200 °C for

16 h. Samples after solely pre-deformation and after
pre-deformation with subsequent HT were again subjected to
the compressive loading. All deformation tests were carried
out at RT and a constant cross head speed of 10−3 s−1 using
a universal testing machine INSTRON 5882.

The texture of the alloys in an as-extruded state was
determined by the X-ray PANalytical XPert diffractometer
using CuKa radiation. Recalculation of full pole figures was
carried out using the open-access computer code MTEX
[21]. Microstructure analysis was performed by scanning
electron microscope (SEM) Zeiss Auriga equipped with
EDAX/TSL EBSD systems. The electron backscattered
diffraction was used to reveal the distribution of precipitates
in the microstructure of the investigated profiles in the
as-extruded condition and after HT. To reveal microstructure
and grain orientations EBSD patterns were collected with a
step size of 0.3 µm and an acceleration voltage of 10 kV.
The specimens for SEM observations were ground on
SiC papers, polished by diamond pastes down to 0.25 lm
particle size. Final polishing was done by Ar ion beam
milling system Leica.

Results and Discussion

Investigated ZN10 and ZX10 magnesium alloys are char-
acterized by homogeneous microstructure with an average
grain size of 13 ± 2 and 12 ± 2 lm, respectively (Fig. 1).
Both materials exhibit texture with a distinct alignment of
basal planes parallel to ED (Fig. 2). Such texture corre-
sponds to above mentioned classical texture [5] for extruded
bars and can be associated with the pronounced anisotropic
behavior of Mg alloys.

Back scattered electron images of the samples in an
as-extruded state are presented in Fig. 3. Small amount of
precipitates are inhomogeneously distributed in the
microstructure and segregation along the grain boundaries is
observed in both ZN10 and ZX10 alloys.

Microstructures of the samples after isothermal ageing are
presented in Fig. 4. Generally, higher number of precipitates
is observed in both materials after HT. Both materials are
characterized by homogeneous distribution of precipitates in
the microstructure with significant segregation at the grain
boundaries. Precipitates segregated along the grain bound-
aries are bigger in ZX10 alloy compared to ZN10 alloy,
while precipitates inside the grains are finer in ZX10 alloy.
Moreover, small amount of precipitates with bigger size (up
to 1 lm) are observed in the microstructure of both alloys.

Parameters of different precipitates, such as shape, size
play important role in strengthening and subsequent result-
ing mechanical properties. Effect of precipitate shape and
size has been studied in detail by transmission electron
microscopy in [16, 22]. For example, it was found that large
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particles can significantly suppress the twin growth and new
twins nucleate on the far side of the particle [23], while small
particles can be inside the twins [24]. In present research, our
attention was focused mainly on the mechanical properties
of the investigated alloys after thermo-mechanical treatment
rather than analysis of precipitates. Further detail analysis by
means of transmission electron microscopy is needed.

Stress–strain curves are presented in Fig. 5 and values of
YS are summarized in Table 1. Deformation curves for

deformation of the samples in as-extruded state have a
concave shape. The compression YS for the ZN10 and ZX10
alloys is 76 ± 2 and 112 ± 3 MPa, respectively. The sig-
moidal shape of the both curves is associated with a massive
twinning [25].

Deformation curves of the samples after HT at 200 °C for
16 h are comparable with those for samples in the
as-extruded state with a slight difference in strain hardening
for the ZX10 alloy. Values of YS for investigated alloys in

Fig. 1 Orientation map of a ZN10 and b ZX10 magnesium alloys in an as-extruded state. ED is perpendicular to the image plane

Fig. 2 Inverse pole figure of a ZN10 and b ZX10 magnesium alloys in an as-extruded state. ED is perpendicular to the image plane
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the initial state and after HT were found to be the same
(Table 1). In [19] it was reported that annealing of Mg–
0.3Zn–0.1Ca sheet at 200 °C for 1 h prior the test did not
lead to age hardening.

The main role of the pre-strain during thermo-mechanical
treatment is introducing twin lamellae into microstructure.
Thus, based on values of YS of samples in the as-extruded
state, level of pre-compression along ED was chosen in a
way to achieve partly twinned microstructure.
Pre-compression was set at 105 and 130 MPa for the ZN10
and ZX10 magnesium alloys, respectively. This level of
pre-compression corresponds approximately to 3% of strain.
It was observed earlier [20, 26] that this level of pre-strain is
enough to achieve partly twinned microstructure. Compres-
sion tests of samples after pre-compression and relaxation

without intermediate HT showed that values of YS are
slightly lower than the level of pre-compression (Table 1). It
can be explained by stress relaxation effect. Stress–strain
curves for both materials after pre-compression are also
characterized by convex shape what is suspected to be result
of continuation of twinning process.

In order to investigate the effect of HT on the deformation
behavior of pre-strained materials samples after
pre-compression were subjected to isothermal ageing at
200 °C for 16 h. As can be seen in Fig. 5 (blue lines),
deformation behavior of the pre-compressed samples after
the same HT is different for two investigated alloys. For the
ZN10 magnesium alloy value of YS increases, while the
ZX10 magnesium alloy significantly loses in the value of
YS. Moreover, stress–strain curve of ZN10 alloy exhibits a

Fig. 3 SEM back scattered electron images of the microstructure of
a ZN10 and b ZX10 magnesium alloys in the as-extruded state. White
“net-like” shadows are the result of ion milling and, therefore,

correspond to the topography of the sample surface rather than to
chemical composition of the material

Fig. 4 SEM back scattered electron images of the microstructure of a ZN10 and b ZX10 magnesium alloys after heat treatment at 200 °C for 16 h
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significant plateau after yielding. Therefore, it could be
concluded that nucleation of new twins in ZN10 is more
pronounced in comparison to ZX10 alloy. Further develop-
ment of stress–strain curves for samples after solely
pre-strain and with intermediate HT are comparable.

In general, the difference in the influence of Nd and Ca
solutes on yielding behavior can be attributed to their dif-
ferent solute solution behavior in Mg, what affects the
alteration of lattice parameters and different amount of the
second phase. Significant difference in the distribution of the
precipitates in the microstructure and along the grain
boundaries can be seen in Fig. 4.

Similarly to fine segregation of precipitates along grain
boundaries in case of HT at 200 °C for 16 h of ZN10 alloy
in as-extruded state (Fig. 4a), HT of pre-compressed sample
can lead to segregation of precipitates along twin bound-
aries. In our previous work [20] it was shown that isothermal
ageing of binary Z1 alloys at 200 °C for 8 h leads to sig-
nificant segregation of precipitates along twin boundaries.
Therefore, mobility of induced during pre-compression twin
boundaries is suppressed by pinning effect, and nucleation of
new twins is requested for further plastic deformation. It can
explain the increase in the value of YS and significant pla-
teau of stress–strain curve in the pre-deformed ZN10 alloy.

In case of ZX10 alloy isothermal ageing of the
pre-compressed sample results in softening of the material
(Fig. 5b). In contrast, Zeng et al. in [19] observed remark-
able strengthening rather than softening in pre-strained Mg–
0.3Zn–0.1Ca alloy in shape of a sheet. By a set of experi-
mental tests, it was shown that annealing strengthening is
related to the plastic pre-strain and subsequent HT. The
highest magnitude of the strength increment about 22 MPa,
what makes 24% increase of the 0.2% proof strength of the
initial test, was found. The annealing phenomenon was
observed in the range of temperature 80–200 °C and
depending on time magnitude of increment was changed. It
is important to note that, the main deformation mechanism
activated during pre-strain (tension) of sheet sample was
established as basal dislocation slip, and twining played a
minor role. Complementary HAADF-STEM analysis
showed the formation of GP zones on the gliding disloca-
tions. Based on this, the formation of the GP zones on the
preferentially basal dislocations impedes the further gliding
of these dislocations, what leads to some strengthening
effects. In our investigated material, twinning is preferen-
tially activated deformation mechanism due to mutual ori-
entation of loading axis and crystallographic orientation of
the majority of the grains. The microstructure of ZX10 alloy

Fig. 5 Stress versus strain curves for compression tests of a ZN10 and
b ZX10 magnesium alloys in as-extruded state (black); after HT at
200 °C for 16 h (red); after pre-compression and relaxation (green);

after pre-compression and subsequent HT at 200 °C for 16 h (blue). All
curves have concave shape and to visualize the yielding part only
beginning of deformation curves are presented in the figure

Table 1 Compressive yield strength (YS) for ZN10 and ZX10 alloys in as-extruded state and after solely HT and thermo-mechanical treatment
(TMT): pre-compression followed by HT at 200 °C for 16 h

Compressive yield strength (MPa)

Initial After HT Level of pre-compression After pre-compression After TMT

ZN10 76 ± 2 76 ± 2 105 104 ± 2 113 ± 3

ZX10 112 ± 3 112 ± 2 130 127 ± 2 109 ± 3
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after pre-compression of up to 130 MPa contains many {10–
12} <10–11> extension twins giving a twin area fraction of
23 ± 1% of the analyzed area, see Fig. 6.

Reorientation of the original lattice provides activation of
basal slip in free-dislocation twinned fraction of the
microstructure in the pre-strained material. Preferential
activation of dislocation slip rather than nucleation of new
twins can explain the absence of plateau of deformation
curve of TMT ZX10 alloy.

Therefore, it could be concluded that in Mg–Zn–Ca alloy
preferential deformation mechanism during pre-strain—dis-
location glide or twinning—plays a significant role for the
ability to strengthen the material. Annealing can lead to the
strengthening via pinning of gliding dislocations by GP
zones in the case when no twins are activated [19]. In
contrast, pinned twins can provide a fraction of
microstructure with a new orientation, which is favorable for
dislocation glide, and therefore it could lead to the softening.

Moreover, in [27] it was observed that with isothermal
ageing at 200 °C of Mg–1Zn–1Ca alloy, the average hard-
ness increased gradually with increasing ageing time to a
peak after 8 h and then subsequently decreased. Therefore,
for further investigation shorter time of isothermal ageing
will be applied for Mg–Zn-based alloys with addition of Ca.
Detail microstructure analysis, including characterization of
precipitates will significantly support the investigation.

Conclusions

The effect of pre-compression and isothermal ageing of
extruded Mg–Zn based alloys with Nd and Ca on mechan-
ical properties was investigated. In the initial state
microstructure of both materials is characterized by segre-
gation at the grain boundaries. Isothermal ageing at 200 °C
for 16 h leads to increasing amount of precipitates for two
alloys and difference in the size of distributed precipitates for
two alloys was observed. Heat treatment of as-extruded
alloys only slightly affected mechanical properties. How-
ever, isothermal ageing of pre-compressed along extrusion
direction samples resulted in the strengthening of ZN10
alloy and softening of ZX10 alloy. Based on comparison
with literature, it was concluded that in Mg–Zn–Ca alloy
preferential deformation mechanism during pre-strain, which
is followed by heat treatment, plays important role in further
deformation behavior of the material: either softening or
strengthening will be observed.
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Influence of Low Temperature Forging
on Microstructure and Low Cycle Fatigue
Behavior of Cast AZ31B Mg Alloy

D. Toscano, S. K. Shaha, B. Behravesh, H. Jahed, B. Williams, and X. Su

Abstract
The effect of low temperature forging on the microstruc-
ture, quasi-static response and stress-controlled fatigue
behavior of cast AZ31B Mg alloy was investigated. The
forging process was conducted at a temperature of 275 °C
and a forging rate of 20 mm/s. Fully reversed stress
controlled cyclic tests were performed on cast and forged
material under total stress amplitudes of 120–160 MPa.
Neckless type bimodal grain structure, an indication of
incomplete dynamic recrystallization was observed in the
forged microstructure in addition to the development of a
sharp basal texture. The obtained mechanical test results
show that the forged material achieved significantly
improved yield and tensile strengths along with longer
fatigue life. The improvement in the quasi-static proper-
ties was attributed to the strengthening effect of partial
grain refinement and activation of non-basal slip modes
due to texture modification.

Keywords
Magnesium alloy � Forging � Microstructure
Texture � Fatigue

Introduction

Human assisted climate change has been recognized as a
major concern and vehicular emission are a major contributor
to this climate change phenomenon. Therefore, the automo-
tive industry has been investing heavily in lightweighting
technologies in an attempt to lower emissions. Magnesium
(Mg) alloys have been gaining interest as a substitute to more
traditional steel and aluminum alloys due to their low density,
excellent machinability and good recyclability [1, 2]. How-
ever, to date, the use of Mg alloys in mass market automotive
applications has been limited to primarily cast components.
To expand the potential applications of these alloys, the
feasibility of producing complex load bearing Mg alloy
components needs to be evaluated. Hot forging is a severe
plastic deformation (SPD) method that may be used to fab-
ricate such geometrically complex load bearing vehicle
components. As is the case with other wrought processing
techniques, hot forging is expected to alter the microstruc-
tures of the Mg alloys which in turn generally improves the
mechanical response of the alloy [3, 4]. Such improvements
have been observed during simple uniaxial upsets of several
Mg alloys at high temperature [5–7]. However, all the studies
[5–15] investigating the effect of forging on Mg alloys were
performed at a relatively high temperature, specifically above
350 °C. These temperatures are typically chosen for Mg
alloys due to their limited formability at temperatures below
*200 °C. However, a lower temperature forging operation
may be desirable to obtain improved mechanical properties,
dimensional control, low oxidation and energy consumption.
Additionally, fatigue fracture is the primary failure mecha-
nism in engineering components and therefore it is necessary
to investigate the cyclic behavior of the forged components
manufactured at the lower temperature. Thus, in this paper,
the influence of low temperature close-die forging on the
microstructure, quasi-static and cyclic behavior of cast
AZ31B is examined. The forging temperature employed in
this study was lower than those typically used for wrought
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processing of Mg alloys but was sufficiently high to allow for
successful (crack free) component formation.

Experimental Procedure

Cylindrical billets of 63.5 mm diameter and 65 mm length
was extracted from 300 mm diameter cast AZ31B stock.
These billets were heated to a temperature of 275 °C and
placed in a hydraulic press equipped with isothermally
heated dies. The cavities of both dies was symmetric about
the parting line and included two flanges of differing depths
—a tall flange with a relatively narrow width and a shorter,
wider flange. Graphite lubricant was used during forging and
the process was performed at a displacement rate of
20 mm/s. After forging, the components were air cooled to
room temperature. A photograph of the forging and a
schematic of the final forged shape with specimen locations
is illustrated in Fig. 1.

Microstructure was captured using an Olympus BX51M
metallurgical microscope whereas texture analysis was per-
formed using a Bruker D8-Discover equipped with a
VÅNTEC-500 area detector. The microstructure and texture
analysis followed the procedures detailed in [16].

Tensile specimens were machined from the as-cast
material as well as from the forgings (Fig. 1b). Details on
specimen geometry and sample extraction from the cast
condition can be found in [7]. These specimens were tested
under both quasi-static and load-controlled cyclic loading
using a MTS 810 uniaxial load frame with a load capacity of
25 kN. For quasi-static tests, a displacement rate of
1 mm/min was employed and strain was measured using
Digital Image Correlation (DIC). Cyclic tests were per-
formed at several stress amplitudes between 120 and
160 MPa in fully reversed (load ratio, R = −1) condition
with the frequency of 30 Hz.

Results and Discussion

Microstructure and Texture

The as-cast AZ31B demonstrated equiaxed grain morphol-
ogy with an average grain size of 278 µm ± 30. As seen in
Fig. 2, the scanning electron microscopy revealed a dendritic
morphology of a-Mg and a eutectic phase containing b-
Mg17Al12 particles, along with casting defects such as
porosity. Texture analysis of as-cast AZ31B suggested no
preferential c-axis orientation and a low texture intensity
suggesting an overall lack of texture as is expected for
as-cast product. A micrograph and (0002) pole figure of the
as-cast condition are included in Fig. 2 and a more detailed
examination may be found in [7].

Microstructural observations made after forging revealed
a strong bimodal grain morphology with large deformed
grains resembling those in the cast alloy surrounded by a
neckless-shape refined structure, an indication of incomplete
recrystallized grains as illustrated in Fig. 3. Qualitatively,
the area fraction of recrystallized grains was higher in the
web region (Fig. 3b) compared to in the two flanges
(Fig. 3a, c). In the areas where dynamic recrystallization
(DRX) was initiated, the average size of the new grains was
3.9 µm ± 2.1. The formation of inhomogeneous mi-
crostructures can be attributed to the occurrence of plastic
deformation leading to DRX during forging. However due to
the lower processing temperature and high deformation rate,
there was insufficient time for the recrystallization process to
reach completion [17].

Figure 4 depicts the (0002) and ð10�10Þ pole figures of the
forged components at different locations. Analysis of texture
in the forged material indicated an evolution from the ran-
dom texture as-cast material to a more complex textured
state where the c-axis of the unit cells tended to be aligned
with the localized deformation directions. For instance,

Fig. 1 Photograph of the
finished forging parts with flash
(a) and a schematic of the final
forged geometry looking along
the Longitudinal Direction
(LD) showing the specimen
extraction locations (b)
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during forging the web region experiences near uniaxial
loading along the FD which results in a sharp texture along
the FD with a pole intensity of 13.88 MDR at that location.
Similarly, texture measurements in the tall rib suggest that
the majority of the c-axis are aligned towards the RD and
pole intensity increased to *11.16 Multiples of Random
Distribution (MDR) compared to 4.57 MRD in the cast
alloy. Such a modification in texture is due to the effect of
Rotational Dynamic Recrystallization (RDRX) which results
in a rotation in newly formed grains from a hard slip to
stable slip directions [18–20].

It should be noted that the short flange pole figure above
suggests some degree of out-of-plane c-axis rotation (i.e.
towards LD). This is thought to be due to texture measure-
ments being made approximately 10 mm into the depth of
the forging where a LD loading component arising from die
constraints may influence the final texture of the forging.

Quasi-static Tension Properties

Figure 5 displayed isotropic tensile behavior of as-cast
AZ31B, which is consistent with the random texture ob-
served in Fig. 2. This material demonstrated a very low yield
strength of approximately 56 MPa due to the presence of
casting defects like porosity and activation of basal slip
followed primarily by monotonic hardening behavior sug-
gesting largely slip dominated plasticity throughout the test.
However it should be noted that a mild sigmoidal behaviour
(dotted ellipse in Fig. 5) was observed during tension sug-
gesting that several grains were favorably oriented for the
activation of extension twinning [21]. The quasi-static ten-
sile curves for the cast and forged material along with results
from open-die forged AZ31B [7] are presented in Fig. 5. It is
seen that the material forged at lower temperature in a closed
die obtained higher tensile properties compared to other
testing conditions. The closed-die forged AZ31B showed a
remarkable increase in both yield and ultimate strength
compared to the as-cast material and open-die forged AZ31B

published in [7]. Specifically, the average yield strength of
the forged AZ31B in this study increased more than
three-fold (from *56 to *178 MPa), whereas the tensile
strength increased by about 26%. It is noteworthy that the
tensile behaviors for the tall and short flanges are quite
similar whereas that for the web show considerably higher
strengths. This may be explained by the more severe strain
accumulated in the web region as a consequence of the
starting billet shape and die design resulting in a more
refined microstructure (Fig. 3b) in the web section.

The primary tensile properties i.e. yield strength, ulti-
mate strength and failure strain of the tested specimens are
summarized in Fig. 6. It is interesting to note from Figs. 5
and 6 that the failure strain of the forged material is sub-
stantially lower than open-die forged AZ31B and the
starting cast material. It is thought that the low failure
elongation is a consequence of the low forging temperature
and stronger texture in the closed-die forged alloy. More
specifically, the measured texture in the current forging
suggests a near perpendicular orientation between the
c-axis and loading direction which inhibits basal slip which
is freely activated in the cast material and instead requires
activation of the more brittle prismatic and pyramidal slip
modes or compression twinning [22–25]. Additionally, the
considerably finer DRX grains in the current forged alloy
would provide increased barriers to dislocation motion
compared to the large-grained cast and less refined
open-die forged (450 °C) conditions [7]. The increased
impedance to dislocation motion would contribute to
increased strength and reduced ductility of the low tem-
perature forging [26].

Fatigue Behavior

Stress amplitude versus cycles to failure for the cast and
closed-die forged AZ31B are included in Fig. 7 along with
results for rolled and extruded AZ31B published in literature
for stress amplitudes ranging from 100 to 160 MPa.
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(a) (b)Fig. 2 The initial microstructure
(a) and (0002) pole figure (b) of
cast AZ31B at the half radius
(0.5R) of the 300 mm stock [7]
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At all the tested stress amplitudes, the as-cast material
exhibited the lowest fatigue life whereas the closed-die
forged AZ31B exhibited a substantially longer fatigue life
(up to an order of magnitude). Note that the substantial
scatter for the closed-die forged material is ascribed to
microstructural variations in the forging (Fig. 3). In com-
parison, rolled and extruded AZ31 alloy investigated by Lv
et al. [27] and Hasegawa et al. [28] respectively generally
had lives between the cast and forged material considered in
this study. The reason for the increase in the fatigue life of
the alloy is thought to be two-fold: (i) due to the general
strengthening of the material as shown in Fig. 6 delaying
crack initiation and (ii) effect of grain refinement and texture
modification on the crack growth rate. In regards to the
strengthening effect, the considerably stronger forged
material exhibits substantially reduced gross plastic defor-
mation during cyclic loading compared to the cast alloy. As

the process of fatigue crack initiation is related to the
accumulation of damage, i.e., irreversible plastic deforma-
tion, the lower overall plastic strain induced in the forged
material for a given stress amplitude increases the cycles
required to initiate a fatigue crack [29]. Once a fatigue crack
has generated, it propagates through the material with every
additional cycle. The large uniform grains with low grain
boundary density in the cast alloy provide relatively little
resistance to this crack propagation. In contrast, the very fine
grains observed in the DRX regions of the forging would
serve to lower crack growth rate and increase overall life
[30–32]. Further, some studies have suggested that surface
roughness due to extension twinning along the crack path
also delay crack growth due to roughness induced crack
closure mechanism [33]. Such a mechanism may also aid in
the overall improvement of the fatigue life observed in the
textured closed-die forged material.

FD 

RD 

(a) 

(c)

(b) 

Fig. 3 Optical micrographs of the forged AZ31B taken at the tall flange (a), web (b) and short flange (c). Note that the indicated directions apply
to all images

270 D. Toscano et al.



Fig. 4 (0002) and ð10�10Þ pole figures for forged AZ31B at different locations
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Fig. 5 Typical engineering stress-strain tension curves for as-cast and
forged AZ31B

Fig. 6 A comparison of tension properties between as-cast, open-die
forged and closed-die forged AZ31B Mg-alloy
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Conclusion

The effect of closed-die forging at low temperature on the
microstructure, and mechanical properties of cast AZ31B
was examined.

• Forging resulted in a modification of the cast mi-
crostructure to a bimodal grain morphology consisting of
fine recrystallized grains surrounding deformed
un-recrystallized parent grains.

• A sharp basal texture was developed by forging and
c-axis alignment parallel to localized deformation direc-
tion was observed.

• Refined grain structure in addition to the inhibition of
basal slip due to texture modification is thought to be
responsible for the superior strength observed in the
forged material.

• The considerable decrease in ductility compared to the
cast material is thought to be a result of texture inhibited
basal slip and increased impedance to dislocation motion
due to the refined DRX grains.

• Improvement in the cyclic performance of the forged alloy
was attributed to the delay in crack initiation due to the
strengthening of the alloy and also due to retardation of
crack growth rate due to grain refinement and twin
boundaries.
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The Recrystallization and Grain Growth
Behavior of Magnesium

Aeriel D. Murphy and John E. Allison

Abstract
Magnesium is an important structural material due to its
attractive properties including having a low density and an
excellent strength-to-weight ratio. Grain refinement is
used as a method to increase the strength and ductility of
Mg and therefore knowing the recrystallization and grain
growth kinetics is important. The experimental results
showed that inhomogeneous nucleation created a
two-stage nucleation process during recrystallization and
that alloying slowed down grain growth significantly in
Mg. A complete article on this work can be seen in a future
issue of Metallurgical and Materials Transactions A.

Keywords
Recrystallization � Grain-growth � Magnesium

Extended Abstract

Magnesium alloys have gained increased attention over the
past years due to their attractive properties including having
a low density and an excellent strength-to-weight ratio [1–3].
Light-weighting of structural components has increased
research efforts regarding Mg alloys [1]. Despite the
advantages Mg alloys offer, they have poor ductility, room
temperature deformation, a limited number of independent
slip systems, display a strong deformation texture post pro-
cessing, and highly directional anisotropy, therefore study-
ing microstructural evolution (i.e. recrystallization and grain
growth) is important to control grain size [4–8]. The
microstructural evolution that occurs during annealing (grain
refinement, grain growth) has a huge impact on the

material’s properties. Grain refinement is used as a method to
increase the strength and ductility of wrought Mg alloys and
strength/ductility decrease with increasing grain size
(Hall-Petch Relationship). Therefore, knowing the recrys-
tallization and grain-growth kinetics is necessary for their
use in structural applications [6–9].

The initiation of twins has a significant influence on the
static recrystallization behavior in Mg alloys. Due their
limited number of independent slip systems, Mg and Mg
alloys have a strong propensity to form twins during defor-
mation [10]. Recent studies have shown that twin and twin
boundaries serve as preferred nucleation sites during re-
crystallization of Mg alloys. During deformation, twins are
barriers to dislocation leading to highly localized strains in
their vicinity. One study in AZ31 by Su et al found that
during recrystallization, complete recrystallization of twin-
ned regions occurred before large, deformed grains began to
recrystallize. They also reported that after long annealing
times, deformed grains still remained in the material [11].
Guan et al found that twins were preferred nucleation sites
during recrystallization of the rare-earth Mg alloy, WE43
[12].

Inhomogeneous nucleation of recrystallized grains due to
the addition of twins has a strong influence on recrystal-
lization behavior and differs from the Johnson-Mehl-
Avrami-Kolmogorov (JMAK) relationship. The JMAK
relationship assumes that the growth rate remains constant
during recrystallization due to random distribution of
nucleation sites and site-saturated nucleation and can be
represented by a single Avrami exponent value of three [13].
Studies have reported that inhomogeneous nucleation leads
to an Avrami exponent of three [11, 12]. Inhomogeneous
nucleation due to twinning can create a two-stage recrys-
tallization process where initially recrystallization occurs in
regions with a high stored energy (twins and grain bound-
aries). Once those regions are fully-recrystallized, recrystal-
lization continues in regions with a lower stored energy [11].
One study found that the two-stage recrystallization process
could be described by two different Avrami exponents: n1
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representing the first stage and n2 for the second stage [11].
Previous studies in Mg have focused on dynamic recrystal-
lization and there is limited information available on their
static recrystallization behavior [14, 15].

In this current study, the static recrystallization, grain-
size, and texture evolution were investigated using Electron
Back-Scatter Diffraction (EBSD) in pure Mg and Mg-4%Al.
Pure Mg samples of two grain sizes were used in this study:
45 and 350 lm. Static recrystallization, grain growth and
texture evolution have been investigated on cylinders
compressed uniaxially at room temperature and annealed at
150–400 °C for 1–1000 min. The level of dynamic recrys-
tallization in the as-received condition was also character-
ized in these materials.

The experimental results showed that inhomogeneous
nucleation created a two-stage nucleation process repre-
sented by two different Avrami exponents, n1 and n2. Stage I
involved rapid nucleation of recrystallized grains at high
stored energy twins and grain boundaries and during Stage II
nucleation continued slowly at low stored energy grain
interiors. The value of n1 was significantly higher than n2,
indicating that recrystallization was faster during Stage 1 and
slower during Stage 2.

It was also found that in pure Mg recrystallization was
increased in the fine grain size material when compared to
the coarse grain size sample, which suggests that grain
boundaries play a dominant role during recrystallization of
Mg. The addition of Al had little effect on the recrystal-
lization kinetics, but slowed down grain growth significantly
in Mg. A complete article on this work can be seen in a
future issue of Metallurgical and Materials Transactions A.
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Strengthening of a Biodegradable Mg–Zn–Ca
Alloy ZX50 After Processing by HPT and Heat
Treatment

A. Ojdanic, E. Schafler, J. Horky, D. Orlov, and M. Zehetbauer

Abstract
This study investigates a biodegradable Mg–5Zn–0.3Ca
alloy (ZX50) during HPT-processing and long-term heat
treatments, the latter with respect to the evolution of
intermetallic precipitates and vacancy clusters. Both the
precipitates as well as the vacancy clusters achieve
strength increases as the Zn atoms may act as potential
trapping sites not only for HPT-induced dislocations but
also vacancies. So far, overall increases of strength of up
to 200% have been reached while keeping the Young’s
modulus unchanged, thus representing an attractive
improvement of mechanical properties for the actual
alloy.

Keywords
Mg-alloys � Intermetallic particles � Vacancy agglom-
erates � Corrosion � Biodegradability � Severe plastic
deformation

Introduction

Magnesium Alloys as Biodegradable Implants

Magnesium alloys, as the lightest structural materials, are
becoming increasingly popular in large amount of applica-
tions, especially as biodegradable implants [1–3]. The main
driving force to develop biodegradable implants is their
degradation properties in the physiological environment.
The clinical function of permanent implants can be achieved
and, once complete, the devices may disappear completely
when they are no longer useful. Mg–Zn-based alloys have
been proposed as very suitable biodegradable materials for
load-bearing applications due to their superior combination
of strength and ductility. So far, the application of Mg
products is limited due to difficulties in processing of alloys,
their relatively low strength and ductility at ambient tem-
peratures and extremely high reactivity leading to unac-
ceptable levels of corrosion in many environments.
Mechanical and corrosion properties are generally linked to
alloy composition and microstructure. In general, improve-
ments in mechanical properties can be achieved through
alloying and processing, but for Mg the solubility of many
alloying elements is limited [2, 3]. An effective method for
improving the mechanical characteristics of Mg alloys is
Severe Plastic Deformation (SPD) [4–8]. SPD processes
cause grain refinement via dislocation generation, a redis-
tribution of solutes, and also generates a large concentration
of vacancies within the microstructure [9–11]. With addi-
tional ageing the generated vacancies form agglomerates
which impede the dislocation movement and thus contribute
to the macroscopic strength [12–15]. Besides, at special
ageing conditions intermetallic precipitates form, as it was
demonstrated by Orlov et al. in the ZK60 Mg alloy [16].
Mima and Tanaka [17] identified three important
low-temperature ranges for Mg–Zn systems: (i) below 60 °C,
the formation of stable Guinier-Preston (GP1) zones;
(ii) 60–110 °C, the formation of stable rod-type and basal

A. Ojdanic (&) � E. Schafler � M. Zehetbauer
Physics of Nanostructured Materials, Faculty of Physics,
University of Vienna, 1090 Vienna, Austria
e-mail: andrea.ojdanic@univie.ac.at

J. Horky
Center for Health & Bioresources, Biomedical Systems, AIT
Austrian Institute of Technology, 2700 Wr. Neustadt, Austria

D. Orlov
LTH, Lund University, P.O. Box 118 22100 Lund, Sweden

D. Orlov
Materials Research Laboratory, University of Nova Gorica, 5270
Ajdovscina, Slovenia

© The Minerals, Metals & Materials Society 2018
D. Orlov et al. (eds.), Magnesium Technology 2018, The Minerals,
Metals & Materials Series, https://doi.org/10.1007/978-3-319-72332-7_43

277



platelet-type precipitates along with unstable GP1 zones
followed by growth of the former at the expense of disso-
lution of the latter; and (iii) above 110 °C, the formation of
stable rod-type and basal platelet-type precipitates, the most
stable ones being the rod-type [17, 18].

Motivation of the Study

This study aims at the optimization of mechanical perfor-
mance of novel Mg alloys (Mg–Zn–Ca). Emphasis is given
to a special ternary alloy consisting of Mg 5% Zn and
0.3% Ca. Ca has been shown to improve corrosion resistance
when included in low quantities (0.3–0.8% being optimum). It
also has a positive effect on grain refining and aids creep
resistance. Zn has the ability not only to improve the strength
of Mg alloys, but also to reduce the corrosion enhancing effects
of all of the common impurities including Fe, Ni, and Cu. In
addition, Zn and Ca are both essential trace elements in the
human body and are known for positive influence on bone
healing and cell reactions. In further steps the alloys have to be
manipulated by severe plastic deformation in order to increase
the strength. Still, the elastic modulus should be kept as low as
possible, close to the one of natural bone (*20 GPa) in order
to avoid stress shielding [19].

By the control of dislocation density and the structure at
the nanoscale, the control of mechanical characteristics
indicating the material performance for potential customers
should be ensured. This study mainly focuses on special
intermetallic precipitations [16] that form in Mg alloys at
special conditions. They include basal platelets and rods that
can be formed in a precipitation-free alloy at very long
lasting heat treatments of few weeks at temperatures of
approximately 50 and 80 °C. The application of deforma-
tion procedure should allow the control of solute atoms’
concentration and distribution, precipitate particle sizes,
shape, orientation and density, with particular attention paid
to the formation of prismatic platelets [16, 20].

At the microscale, the structural optimization of grain
sizes and their distribution as well as their boundaries ensure
the control of mechanical characteristics. Spatial distribution
of grains will be controlled through the formation of
homogeneous ultra-fine grained structure.

Experimental

Materials and Processing

In the present study a specially cast magnesium alloy ZX50
having a chemical composition of Mg–5Zn–0.3Ca (wt%)

was used. Discs with a diameter of 50 mm and a thickness of
12 mm were obtained from cast bars (50 mm in diameter
and 120 mm in length) by a circular saw. The discs were
then cut by spark erosion in proper pieces and then turned to
rods with a diameter of 10 mm. These were then again cut
by spark erosion in discs with a diameter of 10 mm and a
thickness of 0.8 mm and subsequently cleaned and annealed
at 450 °C for 24 h in argon atmosphere to obtain a nearly
supersaturated solid-solution condition (SSSS) [21]. The
samples were then furnace cooled. A nanostructured state
was then formed by high-pressure torsion (HPT) at room
temperature (Fig. 1). Discs of 10 mm in diameter and
0.8 mm in thickness were processed at a hydrostatic pressure
of 4 GPa for 0.5 and 2 rotations. By applying a hydrostatic
pressure of 4 GPa, torsional shear strains of cT = 1–94 have
been achieved, with cT = ru/d where r is the radius and d
the thickness of the sample, u is the amount of rotation of
the HPT process in radiant. The equivalent strain eequ can be
evaluated using von Mises-criterion by eequ = cT/

ffiffiffi

3
p

. After
HPT-processing, the samples were heat treated at tempera-
tures between 50 and 460 °C by different annealing times, in
an oil bath with a thermal stability of ±0.5 °C. After the
heat treatment the samples were dropped into water at room
temperature thus ensuring fast cooling and high accuracies
of the periods of the heat treatments. Heat treatments at
higher temperatures up to 460 °C were performed in a
calorimeter Netzsch DSC 204. In these cases the cooling
period was considerably longer.

Fig. 1 Illustration of high pressure torsion (HPT). The sample is
located between two anvils, which undergo numerous rotations under
enhanced hydrostatic pressure thus achieving large torsional strains

278 A. Ojdanic et al.



Mechanical Properties

Vickers hardness test was done as a measure of strength. The
surfaces of the sections were ground and mechanically
polished to a mirror-like finish. Values of static hardness at
ambient temperatures were derived from the area of inden-
tation. An Anton Paar Microhardness Tester
(MHT) equipped with a Vickers diamond indenter was used
as part of a Light Microscope ZEISS Axioplan with a CCD
camera. The maximum load applied was 0.5 N, with a
gradient of 0.1 N/s and a constant loading time of 10 s. For
the reported distributions of HV, an average over at least
seven separate measurements taken. Young’s modulus was
measured using a Nanoindenter ASMEC Unat with QCSM
module for depth dependent measurements with a maximum
load of 0.2 N. An average value over at least 20 separate
measurements was taken.

Results

Evolution of Vickers Hardness

The microhardness of as-cast Mg5Zn0.3Ca amounted to
65 HV. After annealing and furnace cooling, the micro-
hardness decreased to 58 HV. The microhardness of
HPT-processed Mg5Zn0.3Ca and an alloy with a similar
composition Mg0.2Zn0.5Ca [20] is shown in Fig. 2 as a
function of the equivalent strain during HPT-processing and
compared to the as-extruded or IS condition. Different
numbers of rotations and measurement radii were investi-
gated. After HPT-processing the HV value increased up to
130 HV for Mg5Zn0.3Ca samples for an equivalent strain of

*5–10. For higher strains HV reached values of *160 HV.
The HV of Mg0.2Zn0.3Ca after annealing is 56 HV.

Heat treatments (Fig. 3) were performed to study the
thermal stability of the alloys and microhardness dependence
on the annealing temperature. It can be seen that heat
treatments are capable of significantly increasing the hard-
ness of HPT-processed Mg alloys. The hardness is increas-
ing with increasing temperature up to a maximum and then
decreasing below the initial value until a final saturation
occurs at temperatures beyond approximately 350 °C. The
visible fall of microhardness was observed after annealing at
140 °C. Further annealing at 160, 180, 200, 220, 260, 380
and 420 °C resulted in even lower values of microhardness
of HPT-processed samples. The maximum peak temperature
for the Mg5Zn0.3Ca samples is 100 °C. For Mg0.2Zn0.5Ca
the peak temperature is shifted to 140 °C. Figure 4 shows
the results for the Mg5Zn0.3Ca alloy after annealing (initial
state, “IS”), HPT-processing by 0.5 and 2 rotations, and
additional heat treatment for 1 h at the peak temperature. For
the sample deformed at 2 rotations and heat treated, the HV
increased by 250%. The homogenized samples were also
heat treated for 1 h without processing by HPT, leading to a
hardness of 75HV for Mg5Zn0.3Ca at the peak temperature
of 100 °C, which results in a HV increase of 40% (Fig. 3).
For the as-extruded and heat treated Mg0.2Zn0.5Ca samples,
the hardness stays constant at 70 HV and drops rapidly at a
temperature of 280 °C [13–15].

With the further heat treatments, the annealing time was
raised to 24 h for temperatures of 75, 100, 125 and 150 °C
(Fig. 5). Also in this case, the peak temperature for
Mg5Zn0.3Ca appears at 100 °C. For non-processed,
homogenized samples (IS), the peak is much smaller and
slightly shifts to 75 °C.

Fig. 2 HV measurements after homogenizing (IS) and after
HPT-processing by various rotation numbers. Left: HV results for
Mg5Zn0.3Ca after homogenizing and HPT-processing by 0.5 and 2

rotations, right: HV results for Mg0.2Zn0.5Ca after extrusion, and
HPT-processing by 0.15, 0.5 and 2 rotations [15]
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Evolution of Young’s Modulus

The Young’s Modulus was measured by nanoindentation
(Fig. 6). Along processing history including thermal treat-
ment it almost stays constant, as there occurs only a slight
increase from 37 to 47 GPa.

Discussion

At first we discuss the evolution of hardness as a function of
strain accumulated by HPT-processing. At the same time, we
compare the results from ZX 50 alloy representing

Mg5Zn0.3Ca with those of Mg0.2Zn0.5Ca which has been
published elsewhere [13–15], Fig. 2. As expected, the
hardness depends uniquely on the equivalent strain value
applied irrespective of the actual sample radius chosen for
the hardness measurement, although the scattering of data is
relatively large compared to dependences measured in more
isotropic pure metals like Cu and Al. Most remarkably, the
saturation strength in case of the ZX50 alloy is almost twice
that of the other alloy with much lower Zn content although
the strength of homogenized initial state is comparable. It
means that the HPT-induced hardening in the ZX50 alloy is
tremendously higher, which must be attributed to the higher
content of solved Zn atoms due to solid solution hardening

Fig. 3 HV measurements for Mg alloys after HPT and additional heat
treatment at various temperatures for 1 h. Left: HV results for
Mg5Zn0.3Ca, homogenized (IS) and HPT-processed at 0.5 rotations

and additionally heat treated. Right: HV results for Mg0.2Zn0.5Ca
as-extruded and HPT-processed at 0.15 and 2 rotations and additionally
heat treated (from [13])

Fig. 4 HV data of Mg5Zn0.3Ca
after homogenizing (IS), after
HPT-processing at 4 GPa and
0.5 and 2 rotations, and after
additional heat treatment at
100 °C for 1 h (HT)
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and increased strain induced evolution of dislocation den-
sity. This increased solid solution hardening obviously far
outweighs the difference in Ca concentration which is
smaller in the ZX50 alloy.

When additionally heat treating the HPT-processed sam-
ples for 1 h (Fig. 3) at the temperatures indicated, another
increase of hardness occurs which—in case of Mg5Zn0.3Ca
—reaches its maximum at 100 °C, while for Mg0.2Zn0.5Ca
it does not show up before 140 °C. In both cases the hard-
ness increase amounts to about 30% at least at the highest
HPT-strains achieved (Figs. 3 and 4, 2 rotations, eps = 18).
According to a structural investigation and estimations of
Orowan precipitation hardening done in [14, 15], this max-
imum is to be attributed (1) to precipitates which have rod
shape along the <c> axis and form at annealing temperatures
around 100 °C during short-term heat treatments. However,
a major part of hardening arises from vacancy agglomerates.
Single vacancies are introduced during HPT-processing by
interaction of HPT-induced dislocations and start to
agglomerate as thermal treatment occurs [9, 10, 12]. The
contribution of precipitation hardening may be concluded
also from the hardness measurements done at heat-treated
samples without the application of HPT (Fig. 3 left), which
also showed a hardness maximum around 100 °C of
Mg5Zn0.3Ca but not in case of the alloy Mg0.2Zn0.5Ca
previously studied [13–15] confirming there the dominance
of vacancy hardening in the HPT processed samples.

For the understanding of the hardness drops shown in
Fig. 3, the discussion appears sensible only down to the
hardness level of initial state (IS). Considering the HPT
processed samples followed by heat treatment, vacancy
agglomerates may coarsen and then anneal till about 150 °C
in case of the ZX50 sample but till about 210 °C in case of
Mg0.2Zn0.5Ca alloy again indicating a higher stability of

SPD vacancy type defects there. The continued drop beyond
those temperatures may be attributed to the annealing of
HPT induced free- and/or grain boundary dislocations, at
least to a temperature of 200 °C in case of ZX50. Again, this
characteristic annealing temperature is higher in case of
Mg0.2Zn0.5Ca, namely about 260 °C which indicates that
the Ca atoms rather than the Zn atoms stabilize the HPT
induced lattice defects. Any further drop of the hardness,
especially that one seen in ZX50 alloy, may reflect the dis-
solution of rod precipitates as this is also observed in the
samples without application of HPT (Fig. 3, left).

When increasing the annealing time for all temperatures
from 1 to 24 h (Fig. 5), the hardness even increased from
145 to 163 HV, for the sample HPT-processed with 0.5
rotations. During the 24 h-heat treatment at 100 °C the
rod-shape particles change into basal precipitates. However,
as the hardness maximum in the non-processed sample of
ZX50 after 24 h-treatment (Fig. 5) is lower than that after
1 h-treatment (Fig. 3, left), it can be concluded that the extra
increase of hardness occurring during 24 h annealing time
arises from continued vacancy agglomeration and not from
basal precipitates. Obviously, 1 h heat treatment is too short
to entirely form vacancy agglomerates out of single and/or
double vacancies as being generated immediately after
HPT-processing.

Concerning the Young’s Modulus measurements (Fig. 6),
there is only a slight increase observed during the processing
history which may arise from two influences: (i) an increase
because of the texture evolution of HPT processing, see the
middle bar of Fig. 6, (ii) an increase because of formation of
second phase precipitates. With respect to possible applica-
tion for biodegradable implants, it should be noted that both

Fig. 5 HV data of homogenized (IS, below) and Mg5Zn0.3Ca
samples HPT-processed at 4 GPa and 0.5 rotations (above) which
were also heat treated for 24 h at the temperatures indicated

Fig. 6 Measurement of Young’s Modulus using a nanoindentation
device for Mg5Zn0.3Ca along the following processing path: Initial
state (IS), then also HPT-processed by 0.5 rotations and 4 GPa, and
finally also heat treated at 100 °C
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increases seem to be rather low and are not expected to
contribute to stress shielding [19] in significant way.

Summary and Conclusions

The present study shows methods for the optimization of
Mg–Zn–Ca alloys concerning its strength. The Mg alloy
ZX50 (Mg5Zn0.3Ca) has been investigated with respect to
its Vickers hardness (HV) and Young’s modulus (E), and the
results were compared to former investigations made at a
similar alloy Mg0.2Zn0.5Ca. The combined application of
Severe Plastic Deformation by High Pressure Torsion
(HPT) and heat treatments at low temperatures provided the
production of both special intermetallic precipitates as well
as agglomerates and thus tremendous increases of the alloys’
strength.

– For ZX50, total hardness increases up to 250% after
homogenization (IS state), further processing by HPT
and/or heat treatment could be reached.

– Hardening effects typical of solid solution hardening and
precipitation hardening were found for both conditions
(IS and HPT). Depending on the heat treatment times
applied, both rod-shape and basal platelets form and
contribute to the HV increase. For the HPT processed
samples, however, the increase in HV is higher due to
both HPT induced dislocations and especially HPT
induced vacancy agglomerates.

– The content of Zn atoms has strong consequences for the
number of HPT induced dislocations and vacancy
agglomerates, and thus for the final strength of the Mg
alloy in question. The content of Ca atoms, however,
affects the corrosion rate and the thermal stability of the
HPT induced defects, and thus the hardness reached.

– The Young’s modulus varies slightly during the pro-
cessing history due to the evolutions of texture and
precipitations, but still remains small to cause stress
shielding.
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Strain Heterogeneity Structures in Wrought
Magnesium AZ31 Under Reversed Loading

C. Can Aydıner

Abstract
Localized strain accommodation, a concern for any
structural material with regard to formability and failure,
is a particularly prominent issue for Magnesium alloys
that possess the unipolar twinning mechanisms and the
large differentials between activity ease of slip mecha-
nisms. In this study, for both rolling and extrusion
textures of a Magnesium AZ31 alloy, strain heterogeneity
levels are characterized by in situ scanning microscopic
image correlation. With a nominal 10 lm subset size and
spanning over 105 grains, grain-scale strain mapping is
conducted over a [−2, 2]% reversed loading cycle. The
rolled sample exhibits much sharper patterns that tran-
scend to upper length scales with collaborative activity.
The nature of these patterns change depending on the load
sense as operational twin mechanisms switch. The
extruded sample exhibits the more typical
several-grain-long strain localization patterns that follow
the grain boundaries. For each case, strain quantification
of the localization structures are provided via histograms.

Keywords
Magnesium alloys � Twinning � Strain heterogeneity
Cyclic loading

Introduction

For wrought light Magnesium alloys, profuse 10–12 tensile
twinning leads to the formation of very sharp crystallo-
graphic textures during rolling and extrusion processes.
Rolling texture is described by the c-axes of the crystallites
aligned with the normal direction (ND) of the plate and
extrusion texture entails c-axes axis-symmetrically

distributed about the extrusion direction (ED). These sharp
textures, once more combined with the unipolar activation of
the tensile twin, lead to a mechanical behavior that has
extreme loading path dependence at the component level.
Both extruded and rolled materials undergo twin-dominated
deformation for specific combinations of material axis and
load path. In mechanical testing, this regime (epitomized
with a ‘twin plateau’ in the stress-strain curve) is typically
realized with compression normal to the c-axes of the
abundant orientations—applied along ED for the extruded
material and applied along rolling/transverse directions
(RD/TD) for the rolled material.

In the twin-dominated deformation of the rolled and
extruded materials, however, the nature of deformation show
obvious differences in plastic anisotropy levels. The extru-
ded sample is transversely isotropic about ED by virtue of its
texture description while the rolled material shows severe
plastic anisotropy that has been macroscopically described
with the r-ratio [1, 2], namely, the ratio of transverse strains
under uniaxial loading. For a mechanistic understanding,
Kapan et al. [3] compare the evolution of spatial distribution
of strain in the two cases using macroscopic digital image
correlation (DIC). Magnesium alloys are prone to yield point
elongation when they deform with tensile twinning and DIC
lays out the nature of strain localization. This study shows
the physical root of heavy plastic anisotropy in the rolled
sample that is compressed along RD: macroscopic
±45° shear banding but in specific planes of shear (a
maximum-shear-stress based argument would lead to shear
activity of all ±45° planes axis-symmetrically distributed
about the uniaxial load). More precisely, the shear banding
planes are strictly aligned with the nominal activation planes
of the 10–12 twin in the abundant orientation (this is a
specific pair that bisects RD and ND), leading to extreme
plastic anisotropy as the bands sequentially cover the gage
volume with abrupt emergence/expansion. The supposed
transverse isotropy of the extruded sample, on the other
hand, already precludes macroscopic shear bands to occur at
an angle on specific planes. In Kapan et al. [3], this is
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confirmed via a measurement of near-equal Poisson’s ratios
on both observation planes (equivalent to r-ratio = 1) for the
extruded sample. The shear localization is also quantitatively
much milder in the extruded sample on the twin plateau for
macro-scale strain distributions. When the load is reversed to
tension, both materials appear to reach a near zero strain
background after detwinning. With further tensile straining
after this point, strain is accommodated with no clear
macroscopic strain localization in both rolled and extruded
samples.

Strain localization, on the other hand, is a multi-scale
phenomenon. Typically, the more one zooms into
microstructural length scales, the more strain heterogeneity
is captured [4]. At the intergranular length scale, any poly-
crystalline aggregate, even a low-plastic-anisotropy
face-centered cubic metal [5], exhibits strain localization
with some typical features of, e.g., bands following grain
boundaries and stemming from triple points. Such
crystallite-scale observations match the observation length
scale of DIC with optical microscopy for moderate to large
grained samples (roughly, for grain size >10 lm). (Fine
intra-grain resolution requires electron microscopy [6].) The
in situ scanning version of microscopic DIC has been used to
investigate the character of the sharp twin plateau bands of
the rolled sample by Aydıner and Telemez [7], resolving
another set of ±45° intergranular bands inside the macro-
scopic bands. This study only considered the rolling texture
with a monotonic loading path in compression.

The current study uses optical microscopic DIC to present
deformation structures over representative grain neighbor-
hoods in the reversed loading scheme of Kapan et al. [3],
again comparatively considering extruded and rolled sam-
ples. Accordingly, the loading path first runs into the twin
plateau with compression and then reverse loading is com-
menced at nominal −2%. This leads to detwinning first
followed by tensile plasticity. Statistically significant
selected-area regions are considered at each load sector
(twinning, detwinning, tensile plasticity), presenting both the
morphology and statistics (via strain histograms) of strain
accommodation. The specifics of results for both textures are
then comparatively interpreted.

Materials and Methods

Rolled stock material for Magnesium alloy AZ31 is procured
from Alfa Aesar, USA, in the form of a 9.5 mm thick
hot-rolled plate in annealed condition. Its grain size has been
found to be a nominal 12 lm using the lineal intercept
method. The source of the extruded stock material for the
same alloy is Xian Yuechen Magnesium, China, purchased
in the form of a hot extruded billet with 2 cm diameter.

Grain size is found to be 17 lm, similar order as the rolled
material. For both materials, equiaxed grain morphology is
observed. Tension-compression samples with the geometry
shown in Fig. 1 are wire-electric-discharge machined from
bulk materials such that load axes coincide with RD and ED
of the rolled and extruded materials, respectively. For the
rolled sample, imaging surface is chosen as the TD┴ plane.
For sufficient buckling resistance about both transverse axes,
the thickness and width of the sample is set to be a nominal
3 mm in the 8 mm long gage volume. The shown 0.2 mm
excess in the thickness direction is margin that is eroded
during metallography. Metallography allows viewing the
grain structures in the DIC images in correlation to the
calculated strain maps. Accordingly, observation surfaces of
both specimens are grinded and polished progressively using
1200 P sandpaper down to 50 nm colloidal silica solution.
This is followed by etching with a solution of 0.56 gr picric
acid, 1.5 ml acetic acid, 1.5 ml distilled water and 12 ml
ethanol of 99% purity.

The final stage of sample preparation is the application of
a fine mist of black paint using an Iwata airbrush. Together
with metallography artifacts and features, the paint speckles
provide the speckle pattern for the microscopic image cor-
relation. Details of the area-scanning microscopic DIC
implementation are provided elsewhere [7]. Here, we cite the
optical resolution (0.2 lm/pixel), subset size for the used
first-order elements (61 � 61 pixels; 12 � 12 lm) and the
corresponding strain uncertainty of 0.1%. The DIC grid
spacing is 2 lm. A central difference scheme is utilized for
finding strains over the displacement field; consequently the
spacing between two grid points used for numerical differ-
entiation is 4 lm. Small strain/rotation components will be
presented in this treatise, however their equivalence with
Lagrangian strains and rotation through spectral decompo-
sition have been confirmed.

The setup utilizes computer-controlled X-Y-Z positioning
elements that locate a microscopic loading stage. Hence, the
positioners place the loaded sample in situ under the desired

Fig. 1 Dog-bone sample geometry utilized for reversed loading
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optical elements as directed by an in-house computer code.
The details are provided in Fig. 2 with more specific element
descriptions provided in the caption.

Results

For the sample-scale stress-strain curves shown in Fig. 3,
axial strains fields calculated from the images of the
macro-DIC line (Fig. 2a, [3]) are used. For the microscopic
DIC investigation, three points will be considered: point
a for comparing deformation structures over the twin

plateau; point b to compare effectiveness of detwinning at
the microstructural level (i.e., how completely strain is
reversed locally) and point c for comparing tensile strain
accommodation structures.

Figures 4 and 5 show the selected-area microscopic DIC
maps for axial and transverse strains (eyy; exx) as well as
in-plane rotation, xxy. In-plane rotation is used to identify
simple shear structures when/if they exist at the particular
measurement length scale. Its use has many caveats dis-
cussed in detail elsewhere [7]. In a nutshell, rotation maps
auto-distinguish +h simple shear structures since +h and −h
simple shear entails opposite sense rotations. To increase the
clarity, red tones are assigned to positive values and blue
tones to negative values, a scheme once again adopted from
Refs. [7] and [3]. This means, under compression, a +h
simple shear band will appear red and a −h band will appear
blue; while under tension, appearance colors for both ori-
entation bands will reverse (along with the sense of material
point rotation) [8, 9]. In the maps of Figs. 4 and 5,
strain/rotation contours are plotted with a degree of trans-
parency to show the microstructure images plotted under
them. The apparent incompleteness of the data is a combi-
nation of data absence among microscopic frames and DIC
evaluation failures. Nonetheless, deformation structures can
easily be identified and the statistics is representative, i.e.,
the histograms for (eyy; exx) shown in the first column checks
with those derived from larger areas of the sample (not
shown due to dimensional constraints here). The areas
considered (roughly 0.5 � 0.8 mm) contain over 103 grains
for both samples. To support the data in the histograms
quantitatively, averages (�eyy; �exx) and standard deviations
deyy; dexx
� �

that belong to the selected area strain maps are
summarized in Table 1.

Tensile Twin Plateau (Load Point A)

At this stage, for the rolled sample, recall deformation pro-
gresses by shear banding with macroscopic ±45° structures
[7]. This means, until the shear structures cover the volume,
strain distribution is composed of heavily-sheared regions
and neighboring dormant regions. On the chosen load point,
most of the sample has undergone banded deformation and
only a limited dormant region has been left. Including a
small section of this dormant region in the area selection
(Fig. 4a, top left corner) is purposeful. The data of this
region inserts a sharp near-zero-strain peak in the histograms
demonstrating the dual nature of this deformation. The
mirrored appearance of the axial and transverse strain his-
tograms about the zero strain axis (also see Table 1, for point
a �eyy ffi ��exx and local Poisson’s ratio around 1.) is consis-
tent with strain accommodation by 2-D simple shear

Fig. 2 Microscopic full-field deformation measurement setup: a AVT
camera with a macroscopic lens (here, Edmund optics telecentric 0.5x),
b AVT camera with Navitar microscopic lens c Newport X, Y, Z
positioning stages with submicron accuracy d, e Kammrath and Weiss
micro tensile tester and its data acquisition unit f strain-gage data
collector g data and image acquisition computers that run in-house
Python scripts h high-moment-inertia U-frame as a camera hanger. The
physical components of the setup sits over a Newport RS 4000
vibration isolation table

Fig. 3 Macroscopic stress-strain curves of extruded and rolled sam-
ples subjected to compression-tension cycles. Indicated load points a,
b, c will be the subject of comparative discussion with microscopic DIC
data
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structures, whose plane of shear matches the observation
plane TD┴. Excluding the dormant peak, the histograms of
the deformation band show a bell-shaped character and on
its extreme edge reach ±5%, comparable to the tensile-twin
transformation strain (±6.5% principals).

For the extruded sample (Fig. 5a), at the same macro-
scopic strain, deformation has covered the entire gage vol-
ume [3] and the average axial strain of Table 1 for the
selected area (−1.67%) is equivalent to the sample-averaged
strain (Fig. 3). There are no dormant regions; strain local-
ization features are uniformly distributed over the maps.
Rotation likely picks up a pattern of some small shear bands,
since the bands appear to be consistent with the expected
rotation senses. Here, one should carefully note that simple
shear structures that are, e.g., into the observation plane will
not be picked up by this xxy map since they would cause
xyz. The reason this is a serious concern for the extruded
sample is clearly its transverse isotropy, with the c-axes of
preferred orientations axis-symmetrically distributed
about y. This means tensile twin and its networks operate in
a 3-D sense [3]. Another aspect that is consistent with

transverse isotropy is an average Poisson’s ratio of approx-
imately 0.5 (Table 1, 0.86/1.67 = 0.46). However, the his-
tograms of both strain components are extremely broad and
interesting in shape. The strain heterogeneity in eyy extends
to near −6.5%, further than that of the rolled sample. The eyy
distribution also has opposite sense content, reaching values
of up to 2%. The opposite sense content, in a way, has to
exist arithmetically to drop the average value to its mild
1.67%. On the other hand, it means immense strain hetero-
geneity with a strain span of over 8%. exx is even more
notorious in terms of opposite sense content, taking values
between roughly [−3, 5]%. The skewed shape of the his-
tograms in Fig. 5a is also notable.

Detwinning Content (Load Point B)

Figures 4b and 5b shows the closest available points to zero
sample-averaged strain after load reversal. Kapan et al. [3]
report a quite complete strain recovery in macroscopic dis-
tributions. The microscopic-resolution maps here also

Fig. 4 Selected area (nominal
0.5 mm � 0.8 mm) microscopic
DIC results of the rolled sample at
points a, b, c indicated on Fig. 3.
(Color figure online)
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present a substantial strain reversal with few localization
remnants. Not to be misguided by the remaining strain
(strain is still not exactly zero; attesting to that, axial and
transverse strains have opposite senses in both samples); let
us focus the comparison on the standard deviation values of
Table 1. The fact that point-b standard deviation is about
two times higher in the extruded sample shows that it har-
bors more strain heterogeneity. This points to a less perfect
pseudoelasticity (detwinning recovery) in a local sense for
the extruded sample. This might be deemed consistent with
the higher microscopic strain heterogeneity levels at the end
of the twinning cycle. As Figs. 4b and 5b histograms indi-
cate, the statistical difference among the two textures is more

at the basin of the histogram, i.e., the difference stems from
the values of remnant extreme strain points.

Tensile Plasticity (Load Point C)

In terms of selected area Poisson’s ratio, a plastic anisotropy
indicator, rolled sample yields a value about 0.5 (Table 1,
point c) in this sector; no more indicating a 2-D deformation.
Nevertheless, there are high-angle shear structures [10, 11]
that reflect in the rotation maps (Fig. 4c), which are striking
morphological features that don’t exist in, e.g., the maps of
the extruded sample. Extruded sample’s histograms are

Fig. 5 Selected area (nom.
0.5 mm � 0.8 mm) microscopic
DIC results of the extruded
sample at points a, b, c indicated
on Fig. 3. (Color figure online)

Table 1 Averages �eyy; �exx and
standard deviations deyy; dexx of
axial and transverse strains for the
selected areas (Figs. 4 and 5) of
the rolled and extruded samples

All values in % Rolled Extruded

Load point �eyy j�exx deyy j dexx �eyy j�exx deyy j dexx
a −2.02 | 1.99 1.23 | 1.25 −1.67 | 0.86 1.42 | 1.42

b −0.05 | 0.23 0.37 | 0.37 −0.136 | 0.135 0.67 | 0.65

c 1.12 | −0.56 0.67 | 0.63 1.08 | −0.43 0.79 | 0.74

Strain Heterogeneity Structures in Wrought Magnesium … 287



again more skewed in shape and their spread (see standard
deviations, Table 1) is slightly higher. Also, once again,
extruded sample’s opposite sense strain content in the his-
tograms is visibly more pronounced.

Conclusion

Local strain structures of rolled and extruded Magnesium are
discussed over a reversed loading cycle. One should care-
fully note the length scale of this type of measurement
(12 lm subsets, 4 lm difference intervals) in interpreting the
histograms. It is typical that histograms widen (more strain
heterogeneity is captured by evading effective averaging) as
the measurement length scale is reduced [4]. At this length
scale, values that are comparable to the tensile-twin-
transformation strain (6.5% principal) are recorded, partic-
ularly over the tensile twin plateau.

The most striking observation in this study was the fact
that locally, extruded material harbors more strain hetero-
geneity than the rolled sample although the other is notori-
ous for macroscopic strain localization with clear dormant
and strained regions. Kapan et al. [3] noted mild macro-
scopic strain heterogeneity for the extruded material. This
means that the more intense microscopic strain heterogeneity
of the extruded sample is simply averaged out at the length
scale of a macroscopic DIC measurement. The skewed
nature of the strain histograms also deserve a more detailed
study.

On tensile straining (point c) of the rolled sample, the
apparent high-angle strain localization structures are under
careful investigation, prepared in a publication [8]. For these,
active ideas are (i) compressive/double twinning and
(ii) bands of easy-slip grains that were formed during rolling.
The two ideas are not necessarily mutually exclusive. The
results clearly show the value of multi-scale investigations of
strain distributions in developing a predictive understanding
for these complex materials.
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Hot Forging Behavior of Mg−8Al−4Ba−4Ca
(ABaX844) Alloy and Validation
of Processing Map

K. P. Rao, C. Dharmendra, Y. V. R. K. Prasad, H. Dieringa, and N. Hort

Abstract
Newly developed die-cast alloys based on Mg–Al−Ba–
Ca (ABaX) system show promise for high temperature
creep resistance. ABaX844 alloy is one of them and it has
limited workability due to high alloy content. To identify
the optimum processing conditions, processing map for
this alloy was developed earlier, which exhibited two
workability domains in the temperature and strain rate
ranges: (1) 340–410 °C and 0.0003–0.005 s−1, and
(2) 425–500 °C and 0.0003–0.1 s−1. Dynamic recrystal-
lization (DRX) occurs in these domains. The map also
exhibited extensive flow instability mainly at strain
rates > 0.01 s−1 up to a temperature of 400 °C and at
strain rates >0.1 s−1 beyond 400 °C. The aim of the
present study is to validate the findings of processing map
by performing forging tests in the temperature range 300–
500 °C (at an interval of 40 °C) and forging speeds of
0.01, 0.1, 1 and 10 mm s−1 to produce a rib-web
(cup) shape component. Finite-element (FE) simulations
were performed for obtaining the variations of strain and
strain rate in the components during forging. The
microstructures of forged specimens deformed under

optimum process conditions derived from the processing
map revealed the formation of dynamically recrystallized
grains. The alloy specimens forged under the conditions
of flow instability have fractured and/or exhibited flow
localization. The results validated the predictions of the
processing map and the load-stroke curves obtained by
FE simulation correlated well with the experimental
curves.

Keywords
Magnesium alloy � Hot forging � Dynamic recrystal-
lization � Simulation

Introduction

In view of their lightweight, magnesium alloys are being
developed for aerospace, automobile, and biomedical
applications. Mg–Al-Zn series of alloys (AZ31, AZ61, and
AZ91) are developed initially [1, 2] but their creep resistance
needed improvement. Rare-earth elements were added for
this purpose [3], but they are expensive. In recent years, the
addition of relatively cheaper alkaline-earth elements like
Ca, Sr, and Ba [4–6] is found to be beneficial since these
elements form stable intermetallic particles in the matrix,
which cause dispersion strengthening. In the commercial
MRI 230D alloy [5], which contains 7 wt% Al, 2.1 wt% Ca,
and 0.3 wt% Sr, three different thermally stable intermetallic
phases Al4Sr, Mg2Ca, and (Mg,Al)2Ca form in the matrix
[7] and enhance the creep resistance. While Sr addition is not
favored because of its detrimental effect on the corrosion
resistance of several magnesium alloys [8], addition of Ba
resulted in higher temperature strength and increased igni-
tion temperature [6]. Two Ba + Ca containing creep resis-
tant alloys Mg−4Al−2Ba−1Ca (ABaX421) and Mg−4Al
−2Ba−2Ca (ABaX422) had better creep resistance than Mg
−4Al−2RE (AE42) and Mg−3Sn−2Ca (TX32) alloys [9].
When Ba is added along with Ca, it forms a eutectic phase
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Mg17Ba2 and a ternary compound (Al, Mg)2Ca at the grain
boundaries, preventing their sliding during creep deforma-
tion. By increasing the concentration of Al, Ba and Ca, the
creep strength of ABaX alloys may be improved but their
workability suffers. However, the processing map developed
for ABaX844 revealed that the alloy possesses good hot
workability [10]. The aim of the present investigation is to
assess the hot workability of ABaX844 alloy by forging it to
form a cup-shape component in accordance with the findings
of the processing map, and validate its predictions on the
formability and microstructural mechanisms. The method-
ology used for this purpose is briefly described below and is
similar to that developed earlier to validate the processing
maps on electrolytic copper [11] and rolled AZ31alloy [12–
14]. It essentially consists of process simulation using finite
element method (FEM) to estimate the effective stress and
strain rates in forging and conduct actual forging experi-
ments under controlled conditions using die and punch on
MTS-servo-hydraulic machine.

Methodology

Processing Map Development

The processing map for a material is developed based on the
variation of flow stress with temperature and strain rate in a
wide range. The detailed principles and procedures have
been described earlier [15, 16]. The efficiency of power
dissipation occurring through microstructural changes dur-
ing deformation is given by:

g ¼ 2m= mþ 1ð Þ ð1Þ

where, m is the strain rate sensitivity of flow stress of the
material. A three-dimensional plot of efficiency variation
with temperature and strain rate gives a power dissipation
map, which may be viewed as a contour map drawn with
iso-efficiency contours.

Flow instability criterion is derived by exploring the
extremum principles of irreversible thermodynamics as
applied to continuum mechanics of large plastic flow [17],
and is given by instability parameter and flow instability
occurs when:

nð_eÞ ¼ @ ln[m=ðmþ 1�
@ ln _e

þm� 0 ð2Þ

The variation of instability parameter with temperature
and strain rate gives the instability map, which may be
superimposed on the power dissipation map for obtaining a
processing map. The map is conveniently viewed as a con-
tour map, where iso-efficiency contours are drawn on a
frame of temperature and logarithm of strain rate. Accurate

experimental data of flow stress as a function of temperature
and strain rate are required to generate the processing map,
the procedure for which was explained earlier [15]. The
processing map reveals domains, where different
microstructural mechanisms like dynamic recrystallization
(DRX) operate, and also the limiting conditions for regimes
where flow instability occurs.

FEM Simulation Model

The FEM model used in this study is the DEFORM pro-
gram, which is a code developed based on a rigid vis-
coplastic model using the principle of analysis of large
plastic incremental deformation (ALPID) by Kobayashi
et al. [18]. The basis for the FEM simulation program has
been presented by Oh [19]. Briefly, FEM uses extremum
principles, which state that for a plastically deforming body
of volume, V, under the traction, F, prescribed on a part of
the surface, SF, and the velocity, u, prescribed on the sur-
face, SU, and uses variational principles in minimizing the
function:

u ¼
Z

�r�edV �
Z

a
2
ð_evÞ2dV �

Z
F:udS ð3Þ

where, _e is the effective strain rate, �r is the effective stress, �e
is the effective strain, u is the velocity vector, _ev is the
volumetric strain rate, and a is a large positive constant
(penalty). The program accepts experimental constitutive
equation data, the geometry of the die and punch, and the
friction coefficient. The program also has an automatic
remeshing option when the finite element mesh distorts and
the nodes meet (Jacobian goes negative). The output of the
simulation model consists of the local values of stress, strain,
strain rate, and velocity vectors. In addition, the load-stroke
curves may be obtained for each forging simulation.

Experimental

The magnesium alloy Mg−8Al−4Ba−4Ca (ABaX844) billet
was prepared by conventional casting method using ele-
mental metals. While the molten AZ alloy was kept at
720 °C under SF6-argon mix cover gas, Ca and Ba were
added. The melt was held at the same temperature for
another 5 min before pouring in a preheated permanent steel
mold. A cast billet with 100 mm diameter obtained using the
above procedure was diametrically sliced into disks. Slugs
with 12.5 mm diameter and 14 mm height were machined
for forging tests. One end of the slug was chamfered for
specimen aligning and centering on the forging die.
Isothermal forging experiments were conducted on cylin-
drical specimens of the geometry shown in Fig. 1a to
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produce a rib-web (cup) shape shown in Fig. 1b. The load
train assembly is shown in Fig. 1c.

The experiments were conducted at different temperatures
in the range of 300–500 °C and at speeds of 0.01, 0.1, 1.0,
and 10 mm s−1 using MTS 810 servo-hydraulic machine.
These parameters were chosen such that both the workability
domain and instability regimes are covered for validation.
Details of the test set-up and procedure have been described
in earlier publications [11–14]. Briefly, the procedure
involved heating the die and punch to the testing temperature
before loading the specimen on the die. Before the experi-
ment, the specimen was lubricated with a grease paste
containing graphite and heated for 15 min. However, during
deformation, contact surface friction had no influence on the
metallurgical structure development. As the tapered punch
pierced the material, the latter flowed opposite the direction
of punch movement, wrapping around the punch and pro-
ducing a cup-shape at the end of the stroke, which was
limited to about 11 mm. The load-stroke curve was recorded
in each experiment. The forged specimens were quenched in
water and prepared for microstructural examination by sec-
tioning the deformed specimens at the center, parallel to the
compression axis. The cut surface was mounted, polished,
and etched with a acetic-nitric acid solution. An optical
microscope (OLYMPUS/PMG3) was used to record the
microstructure in the rib regions where strains were signifi-
cant but gradients were smaller.

Results and Discussion

Initial Microstructure

The as-cast microstructure of ABaX844 alloy is shown in
Fig. 2. The intermetallic phases consisting of Al, Ba and Ca

have been identified to be Mg21Al3Ba2 and (Al,Mg)2Ca, all
of them being present mainly at the grain boundaries in the
form of lamelle and block form, respectively. The grain size
of the as-cast alloy is in the range of 25–40 lm, and can be
considered as fine-grained in the case of magnesium alloys.

Processing Map and Its Interpretation

Details of the processing map obtained on ABaX844 alloy
and interpretation of the domains, in terms of microstructural
mechanisms, are given in an earlier publication [10]. For the
purpose of ready reference, the processing map obtained at a
strain of 0.5 is shown in Fig. 3. The numbers marked on the
contours represent efficiency of power dissipation expressed
in percent. The forging speeds estimated for the different
strain rates are marked on the right side. The shaded areas
represent the regimes of flow instability. The map exhibits
two domains in the temperature and strain rate ranges as
described below:

(1) 340–410 °C and 0.0003–0.005 s−1 with a peak effi-
ciency of about 32% occurring in the vicinity of 380 °C,
and

(2) 425–500 °C and 0.0003–0.1 s−1 with a peak efficiency
of about 43% occurring at 500 °C/0.003 s−1.

Based on the microstructural observations, the two
domains are interpreted [10] to represent dynamic recrys-
tallization (DRX), which replaces the as-cast microstructure
with a wrought equiaxed grain structure. The grain size is
finer in Domain 1 than in Domain 2. In the first domain,
basal + prismatic slip causes the plastic flow and simulta-
neous recovery occurs by climb process. In the second
domain that occurred at higher temperatures, second order

Fig. 1 Sketches of (a) starting specimen, (b) final shape of the forging
and (c) design of load train assembly for forging using servo-hydraulic
machine [12] Fig. 2 Microstructure of as-cast ABaX844 alloy
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pyramidal slip occurs with simultaneous recovery by
cross-slip process. Flow instability occurs mostly at lower
temperatures and higher strain rates (shaded in Fig. 3), and
its microstructural manifestation is flow localization.

Process Simulation

The process simulation based on FEM has become an
effective tool in flow investigation during material forming,
as demonstrated by Sivaprasad et al. [20] for optimizing the
extrusion of a stainless steel and by Ou et al. [21] for the
forging of aerofoils using a nickel alloy. Such simulations
provide information on the flow pattern during die filling as
well as on the local values of state-of-stress, strain, and strain
rate. These values may be used in predicting the
microstructural developments. This model also predicted the
forging loads so that the required forging equipment capacity
may be determined [18]. A finite element simulation of the
forging process was conducted under isothermal conditions
(the work piece and the die remained under the same tem-
perature) using the software DEFORM 2D axisymmetric
version equipped with a pre-processor to input material data
and object definition. A post-processor was also used, which
provides information on deformed geometry, state-of-stress,
velocity vectors, strain, and strain rate.

Process simulations were conducted at the temperature
range of 300–500 °C at speeds of 0.01–10 mm s−1 until the
stroke reached 11 mm in 0.1 mm increments. As an exam-
ple, the effective strain distributions in the forged component
at the end of the stroke are shown in Fig. 4a and b for
forgings corresponding to 380 °C/0.01 mm s−1 (Domain 1)
and 500 °C/0.01 mm s−1 (near peak conditions in Domain 2),

respectively. From the simulations, the minimum and max-
imum effective strains range between 0.1 and 4. The average
strain rates corresponding to the forging speeds of 0.01, 0.1,
1.0, and 10 mm s−1 are 0.001, 0.01, 0.1, and 1.0 s−1,
respectively.

Load-Stroke Curves

The curves representing semi-close die forging involve three
stages as follows: (1) increase in the load until plastic flow
initialization, (2) material flow until the cup formation is
complete, and (3) direct material compression in the bottom
of the cup, resulting in a steep increase in the load with
stroke. The load-stroke curves recorded during the forging
experiments at 380 °C (Domain 1), 500 °C (Domain 2), at
different forging speeds are shown in Fig. 5a and b,
respectively. In both the DRX domains conditions (i.e. at

Fig. 3 Processing map for ABaX844 alloy developed at a strain of
0.5. The numbers against the contours represent efficiency of power
dissipation in percent

Fig. 4 Strain contours obtained in finite element simulation of forging
of ABaX844 at the end of stroke (11 mm) obtained at temperature and
speed of a 380 °C/0.01 mm s−1 (Domain 1) and b and 500 °C/0.01 mm
s−1 (Domain 2)
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lower strain rates), the load-stroke curves are of steady state
type.

Load-stroke curves obtained for forging simulations
380 °C/0.01 mm s−1 (Domain 1) and 500 °C/0.01 mm s−1

(Domain 2) are shown in Fig. 6a and b, respectively and are
compared with those obtained from forging experiments.
A reasonable agreement exists between the simulated and
experimental curves validating the simulation model. Sim-
ulation with a higher friction factor marginally changes the
loads, indicating that the contribution of friction is
insignificant.

Shapes of Forged Specimens

The bottom views of ABaX844 forged specimens at different
temperature and forged speeds are shown in Fig. 7. Clearly,

the specimens forged under conditions corresponding to the
two DRX domains: Domain 1, namely, 380 °C and a speed
0.01 mm s−1 and Domain 2, namely, 460 and 500 °C and
speeds of 0.01, 0.1, and 1.0 mm s−1, possess the expected
regular shapes for this component under good workability
conditions. The specimens forged at 300 °C, and 500 °C and
the highest speed were fractured because of the flow
instability.

Microstructural Correlation

The microstructures recorded on the specimens forged at
temperatures and speeds of 380 °C/0.01 mm s−1 (Domain 1)
and 500 °C/0.1 mm s−1 (Domain 2) are shown in Fig. 8a
and b, respectively.

Fig. 5 Load-stroke curves obtained for forging of ABaX844 alloy at
different speeds and at temperatures of a 380 °C and b 500 °C

Fig. 6 Comparison of load-stroke curves obtained on ABaX844 alloy
from the finite element simulation and forging experiments at a
temperature and speed of a 380 °C/0.01 mm s−1 (Domain 1) and
b 500 °C/0.01 mm s−1 (Domain 2)
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These microstructures were recorded in the bottom region
of the cup and those examined at the radius and the inside
wall regions are not any different, signifying microstructural
homogeneity. However, the microstructure recorded in the
outside rib region did not undergo significant change when
compared with the starting as-cast microstructure (Fig. 2).
This is because the local strain value in this region is too low
to cause dynamic recrystallization. The microstructures

clearly showed the occurrence of DRX and the average grain
size obtained in Domain 1 (18 µm) is smaller than that in
Domain 2 (22 µm). The microstructures obtained on speci-
mens forged in Domain 2 at lower strain rates
(500 °C/0.01 mm s−1) and at lower temperatures
(460 °C/0.1 mm s−1) are shown in Fig. 8c and d, respec-
tively. These confirm that dynamic recrystallization occurs
in entire region of Domain 2.

Fig. 7 Geometry of the
ABaX844 specimens forged at
different temperatures and speeds
—Bottom view

Fig. 8 Microstructures of
ABaX844 forging done at
a 380 °C/0.01 mm s−1

(Domain 1),
b 500 °C/0.1 mm s−1

(Domain 2),
c 500 °C/0.01 mm s−1

(at a lower
speed in Domain 2), and
d 460 °C/0.1 mm s−1

(at a lower temperature in
Domain 2)
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The microstructures obtained at various locations of the
forging conducted at 380 °C and 10 mm s−1, which falls
within the instability regime of the processing map (Fig. 3),
is shown in Fig. 9a. The flow localization is clearly observed
in the bottom, radius and inside-wall regions and is associ-
ated with cracking. The microstructures obtained at similar
locations on the forging conducted at 420 °C and 1 mm s−1

and 380 °C and 0.1 mm s−1 are shown in Fig. 9b and c. The
flow localization is manifested as an intense shear band in
the former case and is as shear localization in the latter.
Thus, the microstructural observations completely validate
the workability regions where DRX occurs as well as the
flow instability regions of the processing map.

Conclusions

Cup-shaped hot forging of Mg alloy ABaX844 has been
modeled by FEM simulation under different conditions
predicted by the processing map. The results have been
experimentally validated in the temperature range of 300–
500 °C and at a speed range of 0.01–10 mm s−1. The fol-
lowing conclusions have been drawn:

(1) Processing map exhibits two domains within the follow-
ing temperature and strain rate ranges: (1) 340–410 °C
and 0.0003–0.005 s−1, and (2) 425–500 °C and 0.0003–
0.1 s−1, both of which show the occurrence of DRX.

(2) Finite element simulation of a rib-web (cup-shaped)
forging in ABaX844 alloy conducted in the DRX
domains accurately predicts load-stroke curves that
correlate well with experimental data.

(3) The microstructures obtained in the components forged
under conditions in Domain 1 and Domain 2 of the
processing map exhibit DRX, and validate the process-
ing map predictions.

(4) The load-stroke curves obtained for forgings done under
DRX conditions are of steady state type.

(5) Forging in the regimes of flow instability of the pro-
cessing map results in flow localization in the
microstructure and disintegration of specimens before
the final shape is forged.
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Effect of Ca on Oxidation Resistance
of Magnesium Alloys (AZ91)

Shima Paridari, Hassan Saghafian Larijani, and Ghasem Eisaabadi. B

Abstract
Since magnesium has very low density, it is always
attractive in aerospace and transportation industries.
However, due to high reactivity with environment,
melting, alloying and casting of magnesium is always
faced with problems about melt quality. So these alloys
have low resistance to oxidation and combustion. Recent
studies show that addition of alkali earth metals reduces
the oxidation tendency of molten magnesium alloys. This
study aimed to investigate the effect of calcium on
oxidation resistance of magnesium alloys melt through
microstructural studies, XRD and melt oxidation test.
Results show that addition of calcium forms intermetallic
compounds such as AL2Ca. Formation of these type of
compounds in grain boundaries with surface oxide film of
CaO, prevents the melt oxidation and minimizes the
oxidation during atmosphere exposure. The most impor-
tant advantage of these alloys is minimizing the use of
shielding gases like SF6 which is considered a greenhouse
gas that causes many environmental problems.

Keywords
Magnesium alloys � Oxidation � Calcium
AL2Ca phase

Introduction

Magnesium alloys having density of about 1.8 g/cm3, high
specific strength and proper castability is considered the
lightest engineering material for transportation, aerospace
and electronics industries [1–3]. However, since magnesium
has a high tendency to react with oxygen, utilization of
magnesium alloys faces with serious limitation.

In recent decades, liquid and solid state oxidation of
magnesium alloys have been subject of many studies. In
temperatures less than 400 °C, oxidation occurs slowly by
forming a protective and weak oxide layer of MgO, in
temperatures higher than 450 °C, oxidation occurs more
quickly and in temperatures higher than 500 °C, in some
areas, sparks are locally propagated before their expansion
on the whole surface [4, 5]. To prevent the oxidation and
combustion of magnesium alloys, melt must be protected
during melting and casting. One of the common industrial
protection methods is using sulfur from the early stages of
melting until the final stages of casting. In this method, using
sulfur and creating an SO2 atmosphere reduces oxygen
content of the melting environment considerably. Using
sulfur is a cost-effective method, but accelerates the corro-
sion of equipment, and on the other hand, it is very dan-
gerous and carcinogenic in terms of safety and health.
Another method for protection of molten magnesium is using
SF6 gas. In recent decades, application of SF6 gas has been
reported to be successful [6]. Combined gas including
fluoride protects the melt and creates a protective layer on
the melt surface. When combination of dry air and SF6 is
used, the surface of magnesium oxide and magnesium
fluorine is formed. The more magnesium fluoride particles
connected to magnesium oxide are, the more
Pilling-Bedworth ratio will be and, as a result, the layer does
not decompose and is used as a melt protector to prevent
oxidation. The expensive SF6 gas is considered to be a
greenhouse gas which has potential of warming-up of planet
atmosphere 24,000 times more than CO2 [7]. Recently
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studies show that using alkaline earth elements can delay the
oxidation of magnesium alloys in both molten and solid
states. Elements such as calcium forms a protective, dense
and compact film on the surface that prevents oxygen from
entering into the bulk of the alloy. Oxide film formed on the
surface includes MgO and CaO that increases
Pilling-Bedworth ratio (which is a = 0.64 in the absence of
calcium, as the calcium increases, it increases to more
than 1) [8–12].

In this paper, the effect of calcium on oxidation resistance
of magnesium alloys has been investigated by performing
oxidation tests, microstructural analysis and GI-XRD.

Materials and Methods

AZ91 alloy (Mg-9 wt%Al-1 wt%Zn) was prepared by
melting pure Mg, Al and Zn in an electric resistance furnace
and crucible made from carbon steel. The alloy was kept in
constant temperature of 700 °C. After complete melting, Ca
was added to the melt in amounts of 0.5, 1.5 and 2%wt. The
melt was kept at 700 °C for 30 min in order to complete the
reaction between the alloy and added Ca. After completion
of the reaction between added Ca and molten alloy and
careful casting of the melt, samples (in diameter of 50 mm
and height of 30 mm) were poured in a steel mold (pre-
heated up to 200 °C) for each melt. These samples were
used to evaluate the oxidation resistance of the alloy in
liquid state. Later, these samples were heated up to 700 °C
and were kept in this temperature for 25 min. Due to oxi-
dation of magnesium alloy during melting time and subse-
quent variation of the temperature, a K-type thermocouple
was use for temperature measurement.

Microstructural studies were carried out on the
10 � 10 � 10 mm3 cubes that were machined from each
oxidation resistance test samples. These samples were
machined in a manner they could represent the oxidation
surface of the corresponding oxidation sample (Fig. 1).
These cubes were carefully grinded and polished and etched
with Acetic-Picral. The microstructure of the samples was
studied by SEM (TESCAN) and GI-XRD (Phillips PW3830)
at 1° intervals.

Result and Discussion

Figure 2 shows the surface of casting samples without pro-
tection. As you can see, the surface of AZ91 sample contains
burned oxides and black and opaque surfaces. While in the
samples containing calcium, surface of the samples is free of
any burns or oxides.

Figure 3 shows the surface of samples AZ91, AZ91-0.5%
Ca, AZ91-1.5% Ca and AZ91-2% Ca after an oxidation test
at 700 °C and duration of 20 min. After a short time, the
surface of AZ91 sample began to oxidize until complete
burning of the sample. (a) In the sample containing 0.5 wt%
of calcium, oxidation resistance is low, and this amount of
calcium is not responsive to oxidation over a long period of
time and after 2–3 min, the melt surface begins to oxidize
and spark (b).

By addition of calcium up to 2%, oxidation resistance of
the samples was increasing, in a way that in the sample
containing 2% calcium, burned oxides are not visible one the
sample surface. This is due to the presence of calcium in
form of CaO in surface oxide film. At temperatures above
500 °C, the weak surface oxide layer of MgO in AZ91 alloy
cannot act as a melt protector, and oxide film breaks down
and oxygen penetrates easily and accelerates the oxidation
process. And, as shown in Fig. 3a, the surface contains
burned oxides and agglomerates. However, by addition of
calcium, the pilling-bedworth ratio is increased to more than
1 and the melt protection action is performed by a CaO +
MgO surface oxide film.

Figure 4 shows the oxidation diagram at 700 °C and
duration of 20 min. As you can see, AZ91 alloy oxidizes
quickly when it melts at normal atmosphere and the sharp
gradient seen in AZ91 diagram reflects this. If different
amounts of calcium are added to the alloy, oxidation resis-
tance increases and gradient increase in the diagrams of
alloys containing calcium is much slower than that of pure
sample or even containing little amount of beryllium.

Fig. 1 Surface of the sample exposed to atmosphere during the test
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Figure 5 shows SEM images of AZ91, AZ91-0.5%Ca,
AZ91-1.5%Ca and AZ91-2%Ca samples. In grain boundaries
of AZ91 alloy (a) the Mg17Al12 phase forms which is a crisp
and brittle intermetallic compound. Also, this phase has a low
melting temperature, which is why it shows a low resistance to
temperature rise. By addition of calcium, strong intermetallic
compound of Al2Ca or Mg2Ca with high melting temperature
forms in surface boundaries or internal grain boundarieswhich
prevent the growth and formation of Mg17Al12 phase. The
presence of Al2Ca or Mg2Ca phases leads to increased oxi-
dation resistance. These phases in Fig. 5d, with bright colors
are clearly distinguished from the background Mg-a phase
(marked with C) and the other phases.

Figure 6 shows the results of X-ray test at a low angle of
1 (GI-XRD). From this image, it can be concluded that at the
surface of AZ91 allow, the melt containing calcium, surface
oxides of MgO and CaO forms. The formation of these
phases together leads to formation of a dense, oxidation-
resistant protective film.

Fig. 2 Surface of the casted samples (a) AZ91 (b) AZ91+0.5%Ca (c) AZ91+1.5%Ca (d) AZ91+2%Ca without protective atmosphere

Fig. 3 Exterior surface of the samples (a) AZ91 (b) AZ91+0.5%Ca (c) AZ91+1.5%Ca (d) AZ91+2%Ca kept at 700 °C and duration of 20 min

Fig. 4 Oxidation diagram in molten magnesium alloys
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Fig. 5 SEM images of (a) AZ91
(b) AZ91+0.5%Ca (c) AZ91
+1.5%Ca (d) AZ91+2%Ca

Fig. 6 Results of X-ray
diffraction pattern of the samples
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Conclusion

The purpose of this paper is to improve the oxidation
resistance of magnesium alloys in the presence of calcium.
By adding calcium with an optimum amount of 2%, mag-
nesium melt can be stored for up to 40 min at 700 °C
without the need for a protective atmosphere. While the
magnesium alloys oxidize rapidly in less than few minutes
below their melting point in the normal state and without the
presence of protective gas, and then they burn. The action of
protecting the melt by calcium is accompanied by the for-
mation of a dense and resistant CaO-oxide film in the sur-
face, which prevents the penetration of oxygen into the melt
and, as a result, oxidation action is postponed. The most
important advantage of these alloys is not applying protec-
tive gases like SF6 which is considered a greenhouse gas and
causes many environmental problems.
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Evolution of Microstructure and Mechanical
Properties During Casting and Rolling
of the ZEK100 Sheet

A. Javaid and F. Czerwinski

Abstract
The use of magnesium sheet in automotive
light-weighting initiatives is low due to its poor forma-
bility at room temperature. In this investigation the cast
ZEK100 (Mg-1.2Zn-0.35Zr-0.17Nd, in wt%) alloy was
subjected to rolling at temperatures from 350 to 450 °C
and for each rolling temperature the evolution of
microstructure and tensile properties were assessed. To
assess strengthening during rolling, properties were also
measured after annealing following each rolling. The
results show that increasing the rolling temperature
caused reduction of tensile strength, yield stress but
increasing elongation. A correlation was established
between mechanical properties and grain size influenced
by the rolling temperature. The results are discussed in
terms of the role the rare earth elements play in
controlling the formability of magnesium alloys.

Keywords
Magnesium alloys � Solidification � Microstructure
Rare earths � Sheet rolling

Introduction

Advanced magnesium sheet technology offers great oppor-
tunities for automobile designers to significantly reduce the
vehicle weight. However, the use of magnesium sheet in
automotive applications is very limited due to its low
formability at room temperature caused by poor plastic flow

properties. This is because magnesium has a hexagonal close
packed (HCP) structure and active slip systems at low
temperatures are mainly limited to those involving basal
planes [1]. As a result, the critical resolved shear stress
(CRSS) for basal plane slip in magnesium single crystal is
about two orders of magnitude lower than that for non-basal
plane slip involving prismatic or pyramidal planes near room
temperature [1]. Thus, the distribution of basal planes (0001)
in magnesium plays an important role in determining
formability at low temperatures. As the temperature increa-
ses, the CRSS of the non-basal slip systems decreases and,
therefore, at about 220–250 °C and above, there is a sig-
nificant increase in formability [1]. Sheet forming at elevated
temperatures is one possibility that is being contemplated,
and there is considerable research being done in this general
area, including experiments concerned with the viability of
superplastic forming [1].

Magnesium-rare earth alloys are increasingly investigated
due to promising results of weakening the basal texture and
improving the formability of magnesium. Of the elements
that are known to weaken the basal texture of magnesium, all
have large atomic radii that give them this different beha-
viour [2]. A wide range of rare earth elements are predicted
to segregate strongly to grain boundaries due to the large
atomic size misfit with magnesium [3]. It was proposed [2]
that a strong interaction of solutes with dislocations and
grain boundaries is responsible for the significant impact rare
earth additions have on the extruded grain size and texture at
very low alloying levels. Previous experimental work [3] has
identified segregation of rare earth elements to grain
boundaries and dislocations as being potentially important in
producing this change in behavior. Automotive light-
weighting applications of magnesium depend much on the
cost of alloys, which is largely determined by the cost of the
alloying elements. One of the main limitations in using rare
earth elements is their high cost. The remaining elements
with large atomic radii outside the rare earth element group
that are likely to be effective texture modifiers are Ca, Sr and
Ba with Ca at the center of interest because of low density,
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relatively low cost and abundant supply. In addition, Ca also
weakens the strong basal texture and refines the grain size of
Mg–Zn–Ca alloys in the as-cast condition [4]. It was found
[5] that simultaneous alloying with Ca and Ce enhances
precipitation hardening, refines grain size and improves
texture and ductility.

The most promising magnesium sheet alloys contain
small amount of rare earth elements. Recently, considerable
research has been conducted towards understanding the
texture development in wrought magnesium alloys because
weakened textures are known to improve the room temper-
ature formability. The conventional wrought magnesium
alloys currently used for sheet manufacturing, such as AZ31,
have relatively poor formability at room temperature due to
their strong basal texture. In particular, research by NSERC
Magnesium Network (MagNET) has shown that the
commercial magnesium alloy ZEK100 (Mg-1.2Zn-0.35Zr-
0.17Nd, in wt%) containing a small amount of rare earth
element neodymium exhibits a very different texture com-
pared to the strong basal texture of conventional alloys such
as the AZ31 grade. The ZEK100 chemistry translates to
improvements in elevated temperature formability [6, 7].
Using this alloy, automobile parts were successfully formed
at elevated temperature at industrially acceptable forming
rates and temperatures. In contrast, an annealed AZ31 alloy
could not be formed through conventional rolling within
technically viable experimental settings [7].

This paper describes activities at CanmetMATERIALS
aimed at manufacturing magnesium sheet. The experiments
were focused on assessing the role of temperature on rolling
behaviour of the ZEK100 alloy containing additions of rare
earths.

Experimental Procedure

Alloy Melting and Plate Casting

The material of this investigation was commercial magne-
sium alloy ZEK100 (Mg-1.2Zn-0.35Zr-0.17Nd, in wt%).
The 60 kg melt was prepared in a resistance furnace using a
mild steel crucible under a protection of CO2 + 0.5% SF6
gas mixture. No grain refiner was added to the melted alloy
that already contained 0.35% Zr. After verifying the chem-
ical composition and removal of any dross/oxide films,
25 mm thick plate castings were poured at 730 °C in a
water-cooled copper mold with characteristics shown in
Fig. 1.

Sheet Rolling and Its Heat Treatment

The hot rolling of the ZEK100 plate to the 1.65 mm thick
sheet was done at three different temperatures using a
pilot-scale rolling mill (Fig. 2). The aim was to optimize the
hot rolling schedule for the ZEK100 alloy in order to pro-
duce sheet with a fine and homogeneous microstructure. The
cast plates were heated to 400 °C under argon and kept at
that temperature for 10 h before rolling. Three different hot
rolling temperatures of 350, 400 and 450 °C were examined
at one rolling speed of 30 rpm. The rolls were preheated to
100 °C. Initial dimensions of the as-cast ZEK100 plate
section used for rolling were 25 � 25 � 160 mm. The
25 mm thick strips were rolled to 1.65 mm sheet using a
single stand reversing mill. Before hot rolling, the sliced
plates were soaked for 1 h at the hot rolling temperature to

(a) Water-cooled copper mold (b) Plate casting (25.4 x 165.1x 393.7 mm) 

Fig. 1 Experimental setup of
water-cooled copper mold
(a) used for casting magnesium
plates (b) being precursors for
sheet rolling
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ensure the proper through heating. The entry temperature
was kept constant, by reheating the plate between passes.
Typically, a thickness reduction of 10–15% per pass was
obtained.

Usually, commercial ZEK100 sheet is produced in H24
temper to obtain optimum combination of strength and
ductility, which are intermediate between those of the fully
strain hardened and the fully annealed conditions. For severe
forming, sheet in the annealed, O temper, condition is pre-
ferred. Since most of the forming operations on the wrought
magnesium alloys are done at elevated temperature, the need
for fully annealed condition is less than that for other metals.
After hot rolling, a flash annealing at 450 °C for 5 min was
conducted with an objective of texture weakening and
refining microstructure.

Property and Microstructure Characterization

The standard tensile tests were carried out on as-cast samples
machined from 20 mm diameter cast bars made in
pre-heated permanent mold. To test the rolled sheet, the
sub-sized tensile samples were extracted from the as-rolled
and annealed state. Each value of strength and elongation is
the average of three specimens tested. Tensile tests were
performed at room temperature and a strain rate of
5 � 10−3 s−1.

To assess microstructure, samples were subjected to
conventional metallographic preparation from grinding to
polishing and then chemically etched using 10% HF or
acetic glycol to reveal the dendritic structure or grain size,
respectively. The optical microscope, scanning electron
microscope (SEM) along with EDX analyzer were used for
microstructural and micro-chemical characterizations of
phases present in the ZEK100 alloy.

Results and Discussion

Alloy Phase Composition

The FACTsage software allows predicting the alloy phase
composition formed under equilibrium and non-equilibrium
(Scheil) cooling conditions. Figure 3 shows the calculated
phase diagrams with predicted equilibrium phase composi-
tions of the ZEK100 alloy. The red line corresponds to the
alloy composition. Under equilibrium solidification condi-
tions the FACTsage predicted for the ZEK100 alloy
the phases of a-Mg, a-Zr, Mg12Zn13 and NdxMgy. For the
particular chemistry of the ZEK100 alloy examined here, the
calculated phase composition consists of 98.62% a-Mg,
0.25% a-Zr, 0.90% Mg12Zn13 and 0.23% NdxMgy. Chang-
ing conditions to non-equilibrium (Scheil) solidification led
to changes in both the amount and nature of phases,

Stanat Rolling Mill Specifications: 
Maximum Roller Temperature: 200oC 
Roller Diameter:   156.3 mm (top roll) / 156.9 mm (bottom roll)
Roller Length:    203.2 mm
Motor Rating: 15 hp with a maximum speed of 1.775 rpm
Maximum Load: 50-ton
Maximum Torque: 19,063 N-m (168.720 lbf-in or 14,060 lbf-ft)

Fig. 2 Experimental set-up of
laboratory rolling mill used for
manufacturing of magnesium
sheet
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specifically the precipitates. The calculated composition of
the ZEK100 alloy for non-equilibrium (Scheil) solidification
consists of 98.78% a-Mg+0.69% Mg12Zn13+0.42%
NdMgZn+0.11% Mg51Zn20.

In general, rare earth elements have very low solubility in
magnesium and usually form there intermetallic compounds.
Among the rare earth elements, neodymium has the highest
solid solubility in magnesium and for this reason shows best
response to age hardening [8, 9]. Some authors [9] have
attributed the presence of Mg3Nd hard phase to better
strength of neodymium containing magnesium alloys as
compared to those containing cerium and lanthanum. Others
reported [8] that the microstructure of Mg–Nd alloys con-
sists of dendritic a-Mg and divorced eutectic Mg12Nd. The
improvement in strength with increase in neodymium con-
tent was attributed to both solid solution hardening and
precipitation hardening [8]. As a major alloying element in
combination with Zr and/or rare earth elements, Zn is used in
the ZEK100 alloy. It has very low solid solubility in mag-
nesium and forms many intermetallic compounds causing
strengthening through precipitation hardening. Zn improves
the strength, ductility and castability of magnesium alloys
[10, 11]. Zirconium has a powerful grain-refining effect on
magnesium alloys and is usually added to alloys containing
zinc, rare earths, or a combination of these elements, where
it serves as a grain refiner up to its limit of solid solubility
[10, 11]. Good formability is achieved by fine grain size and
a uniform dispersion of secondary phases.

Microstructural Characteristics

To show the microstructure evolution, metallographic sam-
ples were sectioned from the 75 mm thick ZEK100 ingot

used for melting, 25 mm thick plate castings and 1.65 mm
thick rolled sheet. As depicted in Fig. 4 at the same mag-
nification, processing affected essentially the alloy grain size.
The grain size of the 75 mm thick ingot (Fig. 4a) experi-
enced multiply reduction after casting into the 25 mm thick
plate used as a precursor for sheet rolling (Fig. 4b). The
grain size reduction in as-cast state is explained through an
increased solidification rate observed in the 25 mm plate and
a presence of the grain refiner. In case of the ZEK100 alloy,
the presence of zirconium grain refiner is responsible for
preventing grain coarsening. The sheet rolling process let to
further substantial reduction in the alloy grain size (Fig. 4c).
In this case, grain refinement was achieved due to
thermo-mechanical processing that led to an increase in the
overall mechanical properties of the magnesium sheet.

The general microstructure of the ZEK100 alloy in
as-cast state consisted of the a-Mg dendritic matrix and
intermetallic precipitates, forming a network between
inter-dendritic regions. Some individual precipitates or their
clusters were also present inside dendritic cells. In the
ZEK100 alloy, precipitates form a chain-like morphology of
near-globular individual particles in the inter-dendritic
regions. The precipitates, located at triple junctions of den-
dritic cells, were generally larger, frequently with irregular
shapes.

The alloy grain size was influenced by the rolling tem-
perature with increasing temperature in the range from 350
to 450 °C causing grain coarsening and the highest growth
seen for the temperature range of 400–450 °C (Fig. 5, left
side). To assess the thermal stability of the as rolled mi-
crostructure the alloy was subjected to post rolling annealing
at 450 °C, corresponding to the highest rolling temperature.
As shown in right side of Fig. 5, for rolling temperatures of
350 and 400 °C, annealing introduced microstructural
changes. For rolling temperature of 450 °C no evident
modifications were observed at magnifications of optical
microscope.

Alloy Mechanical Properties

Table 1 shows the tensile properties of as-cast ZEK100 alloy
measured at room temperature. The samples for tensile
testing were machined from 20 mm diameter cast bars made
in a pre-heated permanent mold. There is some variation in
strength and elongation of as-cast alloy with tensile strength
scatter between 192 and 162 MPa. A larger scatter was seen
for elongation values, which for quite high average of 13%
oscillated from 9 to 16%.

The rolling process led to an increase in both the alloy
strength and elongation as compared to the as-cast-state.
Each value of strength and elongation in Table 2 is the
average of three specimens tested. As shown in Table 2, the

Fig. 3 Phase diagram showing the effect of Nd on phase formation
during equilibrium solidification of the ZEK100
(Mg-1.2Zn-0.17Nd-0.35Zr) alloy
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as-rolled tensile strength increased to the range of 228–
257 MPa and elongations from 17 to 21%. The largest
increase was achieved for yield stress which values reached
from 185 to 237 MPa. As anticipated, the alloy tensile
properties after rolling were highly influenced by the rolling
temperature and the largest gains were recorded for lower
rolling temperatures (Fig. 6). According to the literature, in

addition to weakening the basal texture and improving
formability, the advantages of rare earth containing magne-
sium alloys are increasing strength, creep resistance, corro-
sion and flammability resistance [10, 11]. The presence of
rare earth elements in magnesium alloys also improves
castability, grain refining and age hardening [10, 11]. Neo-
dymium is a beneficial alloying addition in the ZEK100
magnesium alloy as it reduces intensity of the basal texture
while increasing strength and ductility [8]. Similarly, mag-
nesium when micro-alloyed with small amount of rare-earth
element cerium weakens the basal texture of Mg–Zn alloys
resulting in improved room temperature formability [12, 13].
Furthermore, the formation of highly stable eutectic phases
by the addition of rare earth elements act as effective
strengtheners in magnesium alloys [9].

Microstructure-Property Correlation

To examine the microstructure influence on properties as a
parameter describing microstructure, grain size was selected.
It is seen from presented earlier micrographs that the higher
rolling temperature also increased the grain size what is
shown quantitatively in Fig. 7. After conversion from the
rolling temperature, the full correlation of alloy grain size
with tensile properties is shown in Fig. 8 where a reduction
in grain size is accompanied in an increase of both the tensile
strength and yield strength. At the same time, a reduction in
alloy grain size is accompanied by a reduction in elongation.
This observation contradicts trends recorded for other
materials. As a possible explanation, it was reported [14] that
with increasing extrusion temperature, the yield strength
gradually decreased with an increase in DRXed grain size
according to the Hall-Petch relation, while the elongation
increased due to the decreased unDRX fraction, suppressing
crack initiation at twins in coarse unDRXed grains, and
weakened basal texture.

According to [14, 15], reported for theMg-1.58Zn-0.52Gd
and Mg-2Zn-0.5Ce, Mg-1Zn-1Mn-0.5Ce, Mg-2Zn-1.5Gd
alloys, the grain size of the extruded alloys increased with
increasing extrusion temperatures due to grain growth during
hot deformation and which can be attributing to the dynamic
recrystallization. The occurrence of recrystallization during
the thermo-mechanical processing of magnesium alloys is a
fundamental process that influences directly the microstruc-
ture and mechanical properties of semi-finished products.
Thermomechanical processing can lead to considerable grain
refinement by recrystallization. The grain refinement,
achieved as a result of thermo-mechanical processing, leads to
an increase in strength and improves ductility. In fact, the
elongation of pure magnesium increases exponentially as its
grain size decreases [16]. In many materials, this has been
attributed to the reduction ofmicroscopic stress concentration,

Fig. 4 Microstructure of the ZEK100 alloy in the form of 75 mm thick
ZEK100 ingot used for melting (a), 25 mm thick plate castings used for
rolling (b) and 1.65 mm thick rolled sheet (c). All images are shown at
the same magnification
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Rolled at 350oC Rolled at 350oC, annealed at 450oC

Rolled at 400oC Rolled at 400oC, annealed at 450oC

Rolled at 450oC Rolled at 450oC, annealed at 450oC

Fig. 5 Microstructure of the
rolled and annealed sheets of the
ZEK100 alloy showing an
influence of rolling temperature
on alloy grain size. All
photomicrographs are displayed
at the same magnification

Table 1 Room temperature
tensile properties of as-cast
ZEK100 alloy

Sample Condition UTS (MPa) YS (MPa) Elongation (%)

1 As-cast 192 59 16

2 As-cast 165 54 13

3 As-cast 162 74 9

4 As-cast 184 63 15

Average As-cast 176 63 13

Table 2 Room temperature
tensile properties of rolled and
annealed ZEK100 sheet

Experiment Condition UTS (MPa) YS (MPa) Elongation (%)

1 Rolled at 350 °C 257 237 17

2 Rolled at 350 °C, annealed at 450 °C 254 211 15

3 Rolled at 400 °C 231 169 23

4 Rolled at 400 °C, annealed at 450 °C 226 154 19

5 Rolled at 450 °C 228 185 21

6 Rolled at 450 °C, annealed at 450 °C 207 116 22
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Fig. 6 Effect of rolling
temperature on tensile strength,
yield stress and elongation of the
ZEK100 alloy

Fig. 7 Effect of rolling
temperature on grain size of the
ZEK100 alloy
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which is responsible for micro-crack nucleation [17]. In other
alloy systems, grain refinement can be brought about by
recrystallization due to hot working and solid phase trans-
formation [1]. Unfortunately, magnesium alloys do not
undergo any phase transformation during processing, thus
recrystallization during deformation (dynamic recrystalliza-
tion, or DRX) and during the period of deformation inter-
ruption (static recrystallization, or SRX) at elevated
temperatures is essential for refining grain structure of mag-
nesium wrought alloys [1]. The literature observations
reported above coincide with our results recorded for the
ZEK100 alloy.

Conclusions

The ZEK100 alloy was hot rolled at temperatures from 350
to 450 °C and the effect of rolling temperature on the mi-
crostructure and mechanical properties was investigated.

The phases present, determined by metallography and
EDX, were verified by calculations using the FACTsage
software. For the specific chemistry of the ZEK100 alloy, the
calculated phase composition consisted of 98.62% a-Mg,
0.25% a-Zr, 0.90% Mg12Zn13 and 0.23% NdxMgy.

The alloy grain size was influenced by the rolling tem-
perature with increasing temperature in the range from 350 to
450 °C causing grain coarsening with the highest growth
seen for the temperature range of 400–450 °C.

The correlation of alloy grain size after rolling with ten-
sile properties was revealed where a reduction in grain size
was accompanied in an increase of both the tensile strength
and yield stress. At the same time, a reduction in alloy grain
size was accompanied by a reduction in elongation. The
latter observation contradicts trends recorded for other
materials and the possible explanation of this finding was
provided.
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Recent Developments in the Application
of the Interdependence Model of Grain
Formation and Refinement

D. H. StJohn, X. Hu, M. Sun, L. Peng, and H. Dieringa

Abstract
The Interdependence model will be briefly reviewed and
then applied to two different casting situations. One is the
solidification of Mg–Al–Sm alloys to determine the
optimum composition for achieving a fine as-cast grain
size. Because the size range of the nucleant particles can
be measured, the key factors describing the potency of the
particle can be calculated providing a more complete
description of the grain formation mechanisms operating
for this alloy. This approach should be relevant for other
Mg–Al–RE alloys. The other casting situation is where
the melt of an AM60-AlN nanoparticle composite was
treated ultrasonically producing a fine grain size on
solidification. The limitations to grain size reduction by
nanoparticles are discussed in terms of the Interdepen-
dence and Free Growth models.

Keywords
Interdependence model �Nucleation�Magnesium alloys
Solidification � Ultrasonic treatment

Introduction and the Interdependence Model

To obtain optimum mechanical performance a uniform fine
equiaxed grain size is usually required. Equiaxed solidifi-
cation and refinement of the as-cast grain size can be
accomplished by: the addition of solute elements with a high
value of the growth restriction factor Q*; inoculation by
potent nucleant particles with low nucleation undercooling
DTn (i.e. high nucleation potency); a fine distribution of
these particles within the melt; and controlling solidification
parameters. (* Q = mC0(k − 1) where m is the slope of the
liquidus temperature in a binary phase diagram at a given
alloy composition C0, and k is the partition coefficient of the
solute element between the solid and liquid phases.)

An example where the above factors play a role is pro-
vided by the application of UltraSonic Treatment (UST) of a
range of Mg–Al alloys [1]. The results of this study are
presented in Fig. 1 where grain size decreases as the value of
Q increases and the intensity of UST is increased. In this
example, it is not known precisely which compounds act as
the nucleants but Fig. 1 shows that as the UST intensity
increases the number of nucleant particles that can be acti-
vated (related to the y-axis intercept) also increase. Figure 1
highlights the significant effect of alloy composition, nucleant
particles and casting environment on the grain size achieved.
The grain size data allows a linear relationship between grain
size and 1/Q to be plotted and this simple linear form assists
the determination of the mechanisms affecting the final
as-cast grain size. The slope of the 1/Q plots indicates the
potency of the nucleant particles where a lower slope means a
more potent particle. To conclude that a change in slope
means a change in potency assumes that the casting condi-
tions remain constant because other factors such as the tem-
perature gradient can also change the slope. In order to
understand why these factors affect grain size we need to
understand the role of constitutional supercooling (CS).

As a grain grows, solute is rejected and builds up in the
liquid at the solid-liquid interface generating a concentration
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gradient in front of the interface as shown in Fig. 2a. In
Fig. 2b, this concentration gradient is converted to a gradient
of the equilibrium temperature TE. The CS zone exists where
the actual temperature gradient of TA is lower than the
equilibrium temperature TE. The temperature difference
between TE and TA is DTCS. The size of the DTCS zone and
the peak value of DTCS govern the extent of equiaxed grain
nucleation [2]. When the gradient of TA is relatively steep as
shown schematically in Fig. 2b, the casting conditions
favour directional solidification of columnar grains. In con-
trast, Fig. 2c represents the ideal situation for the production
of a fully equiaxed structure. Also required are potent
nucleant particles to trigger the nucleation of grains. The
important properties of the nucleant particles, whether nat-
urally present in the alloy melt or deliberately added as
inoculants, are their nucleation potency, defined by DTn, and
their distribution and number density, which define the
spacing xSd between nucleated grains.

Figure 2 highlights a challenge to overcome which was
revealed during the development of the Interdependence
Theory [3]. This is the formation of a Nucleation-Free Zone
(NFZ) around each successfully nucleated grain where
nucleation is unlikely to occur. The length of NFZ, xnfz,
includes the length of the diffusion field as marked on the
schematic of Fig. 2c plus the amount of growth of the grain
needed to generate sufficient DTCS. The size of xnfz depends
on a number of factors as shown by the Interdependence
equation, Eq. 1.

The Interdependence equation (Eq. 1) [3] shows the
relationship between constitutional supercooling and particle

characteristics in defining the distance between nucleation
events and, therefore, is a predictor of the relative grain size,
dgs.

dgs ¼ D � zDTn�min

vQ
þ 4:6D

v
� C�

l � C0

C�
l ð1� kÞ

� �
þ xSd ð1Þ

where D is the solute diffusion coefficient, zDTn−min is the
incremental amount of undercooling needed to trigger nu-
cleation on the most potent particle of potency DTn−min, v the
growth velocity of the interface, C0 the alloy composition,
C�
l the liquid composition at the interface, and k the partition

coefficient. The term z is related to the temperature gradient
of TA.

The three terms of Eq. 1 define the distance between
nucleation events where

dgs ¼ xCS þ x;dl þ xSd ð2Þ
xCS is the amount of growth of a previous grain to

generate DTCS = DTn,
x′dl is the length of the diffusion field to where DTn is

achieved, and
xSd is the average distance to the next most potent particle

that successfully nucleates a grain.

Figure 3 illustrates the relationship between these dis-
tances and shows the effect of alloy composition as repre-
sented by Q, on the grain size. Therefore, a key strategy for
generating a fine equiaxed grain size is to reduce both the
size of the nucleation free zone xnfz and the spacing between
the most potent particles xSd.

Figure 4 illustrates the effect of the particle potency DTn
on xnfz and on the achievable grain size. As the nucleation
temperature decreases (i.e. DTn increases) the size of xnfz
increases as more growth is needed for DTCS to equal or
exceed DTn.

The Interdependence model is so named because the
grain size is dictated by the interaction between CS and the
particle characteristics DTn and xSd in Eq. 1. Since there is a
range of particle sizes as shown by the example presented in
Fig. 5a, the average distance between particles will differ for
particles of different values of DTn. According to the Free
Growth model DTn is related to the size of the particles by
the following equation

DTn ¼ 4r=ðDSv:dÞ ð3Þ
where r is the solid-liquid interfacial energy and DSv the
entropy of fusion. Sd is calculated for each value of DTn from
the distribution in Fig. 5a where Sd = 100 lm/Nd and Nd is
the number of particles within 100 lm. Bringing these cal-
culations together generates Fig. 5b. The addition of further
master alloys shifts the curves to the left reducing Sd and
therefore the grain size. This approach was applied to the

Fig. 1 Grain size versus Mg–Al alloy Q values, subjected to UT
amplitudes between 7 and 30 lm [1]
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addition of Zr refiner to magnesium to compare the refine-
ment efficiency of three Zr master alloys [5].

Figure 6 brings together the development of CS and the
DTn − Sd curve highlighting that nucleation occurs at the
intersection of the gradient of TA and the DTn − Sd curve at
time t2.

A recent review [7] discussed the benefits and limits of
constitutional supercooling’s effect on grain nucleation. The
main limitation is the formation of NFZ. However, this is
balanced by the facilitation of the formation of an equiaxed

zone of fine grain size by the generation of DTCS and the
protection of newly nucleated grains from remelting while
these grains are subjected to convection and transport
throughout the melt during casting. The following two
examples show how application of the Interdependence
model provides an explanation of the mechanisms occurring
during solidification that lead to the refinement of equiaxed
grains. These examples were chosen because the mecha-
nisms that make the largest contribution to the as-cast grain
size are different. In the first example the number of nucleant
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Fig. 2 Schematics of (a) the
solute concentration in front of a
growing solid-liquid interface;
(b) the concentration gradient
converted to the equilibrium
liquidus temperature TE where the
constitutionally supercooled zone
is the difference between TE and
the actual temperature TA and the
gradient of TA, G, is typical of
directionally solidified alloy; and
(c) represents the case of
equiaxed solidification in a low
temperature gradient. xnfz denotes
the end of NFZ (from [4])
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particles plays an important role and in the second example
the alloy chemistry and potency of the particles have a
significant impact on the as-cast grain size.

Grain Size Variation of an Mg–Al–Sm Alloy

In a recent publications [8, 9] it was shown (Fig. 7) that a
ternary addition of Sm (Samarium) to the Mg-3Al alloy
firstly coarsened the grain size and then refined the grain size
as the Sm composition was increased from 0 to 2.1 wt%.
A thermodynamic analysis [10] of the Mg–Al–Sm system
calculated that the pro-eutectic Al2Sm phase begins to form
above 1.3 wt%Sm. This factor plus observation of Al2Sm
particles in the center of grains in both 1.4 and 2.1 wt% Sm
samples and a crystallographic misfit of 0.45% with mag-
nesium [8] clearly indicates that Al2Sm is a good nucleant
for magnesium. (The cause of coarsening from 0 to 0.7 wt%
Sm was found to be due to the transformation of the native
Al–Fe–C–O particles to lower potency Al–Fe–Sm–C–O
particles [8].)

Because the Al2Sm particles are clearly visible in the
microstructure (Fig. 7b), the size and their number were
readily measured (Fig. 8a). Figure 8b converts the sizes in
Fig. 8a into values of DTn by Eq. 2. Figure 8c converts the
number distribution in Fig. 8a to an average distance Sd
versus particle size and Fig. 8d generates a plot of Sd versus
DTn which is used in Fig. 9.

Figure 9 was constructed based on the schematic in
Fig. 6 and the data in Fig. 8d. This was the first time that
there has been sufficient data to make a quantitative figure of
the representation in Fig. 6. Figure 8d indicates the value of
DTn is less than 0.2 K which is reasonable as the crystal-
lographic misfit is very low. The low value of DTn plus the
small value of z due to a relatively low temperature gradient
in the melt means that xnfz will be small. Thus, the grain size
above 1.3 wt%Sm is controlled by the size of xSd. Regarding
xSd, the average spacing between the largest most potent
particles is 120 lm. However, the as-cast grain size is
69 lm. To achieve this value all of the particles with a
potency above 0.2 K must be activated which gives an xSd of
60 lm. Therefore, xnfz must be small at about 10 lm as
indicated above. Thus, in this example the major contributor
to grain size is the number of particles able to successfully
nucleate a grain.

From Fig. 9, Eq. 1 can be simplified to be a predictive
equation for compositions above 1.3 wt% Sm to
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Fig. 3 A representation showing the relationship between composition
as defined by Q and the components in Eq. 2 that contribute to the grain
size. xSd is constant if the number density of nucleant particles does not
change with composition as shown in this figure (from [3])

Tcs HP

Tn-HP

Tn-LP

TA

Te
m

pe
ra

tu
re

, T
 (K

)

Distance, x ( m)

TE

xnfz HP

Tcs LP

xnfz LP

Fig. 4 Schematic of the formation of the CS zone where a small
DTCS-HP forms for nucleant particles of high potency Tn-HP and DTCS-LP
for low potency Tn-LP particles. The high potency particles lead to a
much smaller NFZ of xnfz-HP than the low potency particles at xnfz-LP

dgs ¼ 10 xnfz
� �þ 1000�1175� Co � 1:3ð Þð Þ xSd where 1:3\Co\2:2 wt:%Smð Þ:

318 D. H. StJohn et al.



UST Assisted Grain Refinement of an AM60
Alloy Containing AlN Nanoparticles

Ultrasonic treatment can refine the grain size by treating the
molten alloy or by application during the nucleation stage of
solidification or by combining both methods [11]. In this
example the former approach is taken where UST is applied

above the liquidus temperature to ensure well-wetted
nanoparticles and their uniform distribution throughout the
melt [12]. One weight percent of AlN powder was added to
the AM60 melt, stirred, UST applied for 5 min, and then the
melt was poured into a 100 mm diameter cylinder which
was lowered into a water bath for directional solidification
from the bottom of the cylinder. In one gram of AlN powder
there are about 1.15 � 1015 particles with an average size of
80 nm (Fig. 10). The largest particles are 162 nm in size and
represent 0.003% of the total number of particles.

Figure 11 shows the effect of nanoparticles on grain size
where UST of AM60 has a grain size of 1277 lm while
UST of AM60 with AlN particles has a grain size of 85 lm.
By converting the number of particles per gram to the
number of particles per volume of the nanocomposite, the
average spacing between the largest particles is 2.1 lm.
Thus, the grain size would be 2.1 lm if we assume all of the
largest particles are the most potent and nucleate a grain.
However, the measured grain size is 85 lm. This means that
only a very small fraction (approximately 0.002%) of the
largest 0.003% of particles successfully nucleate a grain.

Considering Eq. 1, the very high number density of
nucleant particles implies xSd would be small, probably <5
microns. Thus, changes in grain size would be largely
affected by changes to the size of the nucleation-free zone
which was also found to be the case for Mg–Al alloys
without particle additions [3]. A key factor in determining
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(a) (b)

Fig. 7 (a) Grain size versus Sm content, (b) SEM image of the Mg-3Al-2.1Sm alloy [8]

(a) (b)

(c) (d)

Fig. 8 Characteristics of the Al2Sm particles in the Mg-3Al-2.1Sm
alloy. a The distribution Nd of the number of potent particles for each
value of diameter d. b The relationship between nucleation

undercooling DTn and d. c Relationship between the average particle
spacing Sd and particle size d. d Sd versus DTn. [8]
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the size of NFZ is the nucleation undercooling of the par-
ticles. DTn was measured by DSC to be 14 K. The high
value of DTn would be expected according Eq. 2 for very
small particle sizes. Based on calculations of xnfz used pre-
viously [3] xnfz is predicted to be *600 lm which is much
larger than 85 lm. The main parameters in Eq. 1 that could
reduce the size of xnfz are D and v as Q has not changed.
V may be faster due to the casting rate of 3 mm/s. It is also
possible that high levels of nanoparticles reduce the effective
diffusion coefficient. An indication of a decrease in D can be
caused by a decrease in viscosity [13]. This is supported by
spiral fluidity measurements where the spiral length
decreased by about 14% from 96.2 to 83.5 cm when AlN
particles are added. In order to decrease xnfz to less than
90 lm D needs to be reduced from 5 � 10−9 to 7 � 10−10

m2/sec. This hypothesis regarding a relationship between
viscosity and diffusion coefficient needs verification by fur-
ther research.

Understanding the formation of NFZ is critical to
improving the performance of nanoparticles as nucleants
because the dominant effect of NFZ will impact on the

Fig. 9 A schematic that illustrates the interrelationship between the
development of DTCS between the equilibrium liquidus temperature TE
and the actual temperature of the melt TA, and the distribution of
particles for the range of particle sizes converted to their nucleation
undercooling (DTn − Sd) that together establish the grain size of the
Mg-3Al-2.1Sm alloy [8]

Fig. 11 Microstructure and
grain size of (a) AM60,
1277 ± 300 lm and
(b) AM60 + AlN, 85 ± 6.2 lm
[12]

Fig. 10 (a) Typical AlN
nanoparticles and (b) particle size
distribution of the AlN
nanoparticles [12]
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mechanical properties through the Hall-Petch relationship. In
a broader study of the AM60-AlN system, a Hall-Petch
relationship with grain size was found despite the very large
number density of nanoparticles [12].

Concluding Remarks

The two examples described above show that the Interde-
pendence model is a framework for determining whether xnfz
or xSd make a greater contribution to grain size, and therefore
provides a focus for identifying methods to decrease the
grain size. In the Mg–Al–Sm example xSd has the predom-
inant effect on grain size while for the AM60-AlN
nanocomposite example the size of xnfz controls the grain
size. In the case of the nanocomposite the very small particle
size results in a large NFZ preventing very small grain sizes
being formed. This effect may be applicable to other
nanocomposite alloy systems.

The Interdependence model can be used to:

• understand the sometimes complex interaction between
factors affecting nucleation and grain refinement;

• highlight the importance of NFZ;
• understand why NFZ prevents the formation of very fine

grain sizes in AlN nanocomposites (assuming particle
pushing does not occur); and

• analyse the effect of a range of solidification conditions
on grain size.
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Thermodynamics of Phase Formation
in Mg–Al–C Alloys Applied to Grain
Refinement

G. Deffrennes, B. Gardiola, M. Lomello, J. Andrieux, O. Dezellus,
and R. Schmid-Fetzer

Abstract
Grain refinement of Mg–Al based alloys is challenging
because it is known that Zr, which is extremely effective
in many Al-free alloys, cannot be used. The addition of
carbon through various routes by using carbon-containing
sources is considered as an option. The grain refinement
mechanisms are still under debate. The present work is
focused on the ternary base system Mg–Al–C, including
the potential nucleants Al4C3 and Al2MgC2, presently
without consideration of Al2CO. The ternary carbide
Al2MgC2 was synthesized and characterized using sealed
Ta crucibles. The decomposition of the carbide was
measured at 1290 °C by Differential Thermal Analysis
under a pressure of 8 bar. Practical difficulties, including
high vapor pressure of Mg and high affinity of Mg with
oxygen, as well as rapid hydrolysis of the Al2MgC2

carbide have been overcome.

Keywords
Al–C–Mg � Al2mgc2 �Mg–Al alloys � Grain refinement

Introduction

A promising route to improve the mechanical properties of
Mg and Mg alloys and to sustain the development of com-
petitive magnesium based materials is the grain refinement
of Mg alloys [1]. In fact, the Hall-Petch strengthening
coefficient of magnesium is roughly four times greater than
the one of aluminum [2]. Indeed, a refined microstructure
enhances most of the mechanical properties of magnesium
alloys [3–6], including mechanical properties at higher
temperature [7] as well as corrosion resistance [8].

Zirconium is widely accepted as the most successful and
effective grain refiner currently known for magnesium [1].
However it is not a viable solution for Mg–Al alloys due to
the formation of intermetallic phases with aluminum.
Therefore, carbon addition methods have become the major
industrial grain refinement technique for Mg–Al alloys [9].
The mechanism behind this grain refinement has raised
many conflicting hypothesis over the last 15 years as the
phases involved in the process such as Al4C3 and Al2MgC2

are micron-sized and may react strongly with water to form
oxides [10] prior to characterization.

The most widely accepted hypothesis in the literature is
that Al4C3 forms in the melt and leads to the heterogeneous
nucleation of Mg grain during cooling [4, 5, 7, 11–15].
Indeed, Al4C3 would be a suitable nucleant for a-Mg [13].
The facts supporting this hypothesis is the systematic
observation of micrometric Al–Mg–C–O particles in the
final microstructure [4–6, 11–14, 16, 17], notably in the
center of the grains [4, 6, 13, 14, 16].

Several conflicting explanation of the refining phenom-
ena are usually considered. Duplex nucleation theory was
proposed considering Al4C3 as a nucleant for the Al8Mn5
phase in a first stage that would lead to the microstructure
refinement in a second stage [7, 18]. Because of the presence
of oxygen in the characterized particles, Al2CO was con-
sidered as a potential nucleant [19]. However the formation

G. Deffrennes (&) � B. Gardiola � J. Andrieux � O. Dezellus
Laboratoire des Multimatériaux et Interfaces, Université Claude
Bernard Lyon 1, 22 avenue Gaston Berger, 69100 Villeurbanne,
France
e-mail: guillaume.deffrennes@univ-lyon1.fr

B. Gardiola
e-mail: bruno.gardiola@univ-lyon1.fr

J. Andrieux
e-mail: jerome.andrieux@univ-lyon1.fr

O. Dezellus
e-mail: olivier.dezellus@univ-lyon1.fr

M. Lomello
SYMME, Université Savoie Mont Blanc, Maison de la
mécatronique 7 chemin de bellevue, 74944 Annecy le Vieux,
France
e-mail: marc.lomello@univ-smb.fr

R. Schmid-Fetzer
Institute of Metallurgy, Clausthal University of Technology,
Robert-Koch-Str. 42, 38678 Clausthal-Zellerfeld, Germany
e-mail: schmid-fetzer@tu-clausthal.de

© The Minerals, Metals & Materials Society 2018
D. Orlov et al. (eds.), Magnesium Technology 2018, The Minerals,
Metals & Materials Series, https://doi.org/10.1007/978-3-319-72332-7_49

323



of the oxide phase in the melt is not favorable from a ther-
modynamic point of view [13, 14, 20]. Jin et al. proposed
that a segregation phenomenon of carbon would be the
reason behind the refining by affecting the constitutional
undercooling and restricting the grain growth during solid-
ification [21]. This hypothesis was debated between Qian
et al. [19] and Jin et al. [20].

Recently, strong experimental evidences [22] suggest that
the formation of Al2MgC2 particles in the melt would lead to
the heterogeneous nucleation of Mg grain in a later stage. In
addition, first-principles calculations conducted by Wang
et al. emphasized that Al2MgC2 is a suitable crystal nucleus
for a-Mg [23]. From a thermodynamic point of view the
work of Viala et al. [10] also support this hypothesis as the
authors found that at 727 °C alloys containing from 0.6 to
19 wt%Al were in a two-phase equilibrium with Al2MgC2.
Indeed, the carbon inoculation process temperatures found in
the literature for Mg–Al alloys vary from 700 to 790 °C and
the alloy composition range from 3 to 9 wt%Al. It is to note
that equilibrium between Mg–Al liquid and Al4C3 is only
reached above 19 wt%Al at 727 °C [10].

Despite the interest of grain refinement of Mg–Al alloys
by carbon inoculation the Al–C–Mg system is not satisfac-
torily assessed as the carbide phase Al2MgC2 is presently not
described in any thermodynamic database for Mg alloys [24,
25]. Currently, the only information available related to
Al2MgC2 are an isothermal section at 727 °C [10] as well as
the structure of the allotropic form of Al2MgC2 stable above
727 °C determined by Rietveld refinement from X-ray
powder diffraction data [26, 27]. This lack of experimental
data is a common issue for any magnesium-based system
above 1000 °C. It is a direct consequence of the high vapor
pressure of Mg coupled with its high reactivity making
experimental work delicate. In addition, Al2MgC2 strongly
reacts with water, making extraction and characterization
even more difficult.

An extensive knowledge of phase equilibria between
carbon and Mg–Al alloys as well as the determination of the
structural, thermal and thermodynamic properties of
Al2MgC2 is compulsory to make a reliable thermodynamic
assessment of the Al–C–Mg system and, in fine, to sustain
the development of grain refined Mg–Al alloys. In the pre-
sent study Al2MgC2 was synthesized and the thermal
decomposition of the carbide was characterized by DTA.

Experimental Procedure

Materials

Samples used in the study were prepared from commercial
powders of magnesium (purity > 99.8 wt%, grain size
150 < d < 850 lm,AlfaAesar), aluminum(purity > 99.8wt%,

grain size 44 < d < 420 lm, Alfa Aesar) and graphite
(synthetic, d < 20 lm, Sigma Aldrich).

Sample Preparation

The powders were ball-milled during 20 min in a tungsten
carbide mortar and cold-pressed under 250 MPa. All the
preparation steps were performed under protective Ar
atmosphere. Due to the high vapor pressure of Mg, reaching
almost 6 bar at 1350 °C [28], as well as the high reactivity
of Mg regarding oxygen, the syntheses were carried out
using sealed Ta crucibles (h = 8 mm, d = 7 mm, thick-
ness = 0.5 mm, purity > 99.95wt%, Concept Metal) arc
welded under 0.6 bar of Ar. Thermal shields made of Ta
were placed over the sample in order to protect magnesium
from the radiations during the welding of the crucible lid that
would otherwise lead to evaporation of Mg.

Synthesis and Thermal Treatments

For the thermal treatments made at 1000(±4) °C the Ta
crucibles were sealed inside silica vessels under 0.2 bar of
Ar in order to avoid oxidation of the Ta crucibles during the
thermal treatment and to offer a second protection in case the
crucibles would fail under the Mg vapor pressure. A con-
ventional horizontal tube furnace with Eurotherm controller
was used as heat source. Owing to the small volume of the
crucibles the vapor pressure of Mg could be reached without
altering the initial sample composition, as less than 0.1 wt%
of Mg was needed to supply the vapor phase at 1000 °C. At
the end of the isothermal heat-treatments the silica vessels
were broken in water as soon as being driven out of the
furnace so that the samples were efficiently quenched.

SEM-EDS

Quenched samples were cut using a diamond saw without
adding any lube, and polished using a water-free polishing
procedure to prevent the hydrolysis of Al2MgC2. SEM
observations were performed directly after polishing on a
Zeiss SEM under a high voltage of 10 kV and at a working
distance of 8.5 mm. Mass fraction of the three elements were
obtained from electronic standards.

Differential Thermal Analysis

Thermal analysis was performed from room temperature to
1350 °C in a Setaram TAG92 using a B-type Pt–Rh DSC
sensor. The sensor was slightly deformed to match the Ta
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crucible geometry, and an yttrium oxide paste was used to
prevent any reaction at the crucible/DSC-sensor interface.
As reference a cylinder made of tungsten with a thermal
mass (mCp) as close as possible to that of the sample was
used. The DSC was calibrated in temperature using gold
standard.

Results and Discussion

Synthesis of Al2MgC2

The synthesis of the Al2MgC2 carbide was carried at 1000 °C
during 240 h from the composition 70Mg–19Al–11C wt%.
After the synthesis stoichiometric Al2MgC2 crystals were
obtained inside a 98.9Mg-1.1Al at.% matrix as well as with
unreacted graphite located at the carbide—matrix interface as
shown in Fig. 1. Smaller crystals were hexagonal-shaped
whereas largest ones were rectangular-shaped. As witnessed
by Viala et al. [10] Al2MgC2 hydrolysis was observed and
was found to be significant after half an hour in air. Huang
et al. [22] proposed the following hydrolysis reaction:

2Al2MgC2 þ 8H2O ¼ 2MgAl2O4 þ 4CH4 gð Þ ð1Þ
Phases were characterized by EDS and results are dis-

played in Table 1. Al2MgC2 composition was determined
from a set of crystals selected so that oxygen lies below the
detection limit. No solubility of carbon could be measured in
the matrix within the detection range.

The fact that the matrix was very poor in aluminum
suggests that thermodynamic equilibrium have been
reached. Plus the composition of 1.1 wt%Al for the liquid
involved in the three-phase equilibria with graphite and
Al2MgC2 at 1000 °C is coherent with the value of 0.6 wt%
Al obtained at 727 °C by Viala et al. [10].

Thermal Decomposition of Al2MgC2

Differential Thermal Analysis was performed on samples
(70Mg–19Al–11C wt% powder compact equilibrated at
1000 °C during 240 h, Sect. 3.1). The as-quenched samples
were made of Al2MgC2, unreacted graphite and a 98.9Mg–
1.1Al at.% matrix (Fig. 1). Results are displayed in Fig. 2.
Melting of the matrix was observed at 615.8 °C during

heating and the solidification started at 640.12 °C during
cooling. Those temperatures are coherent with the matrix
composition found before (Table 1) and after (Table 2) DTA
as they correspond to the fusion and solidification of a
98Mg–2Al at.% alloy [28]. In addition, a sharp exothermic
signal was detected at 1290 °C.

The exothermic signal found at 1290 °C was attributed to
the decomposition of Al2MgC2, and the reaction of
decomposition is proposed as follows:

Al2MgC2 ¼ Al4C3 þCþL ð2Þ
Equation (2) denotes a four-phase equilibrium, a ternary

peritectic on cooling, as opposed to the stoichiometric
reaction equation in Eq. (1). It is interesting to note that
after the DTA the Al2MgC2 crystals morphology changed
significantly compared to the synthesis carried out at
1000 °C. Indeed Al2MgC2 crystals were one order of
magnitude bigger after the thermal analysis and
platelet-shaped instead of being hexagonal-shaped or rect-
angular shaped. This new morphology was very similar in
both size and shape to the Al4C3 crystals that would be
obtained by the authors when performing synthesis with Al
rich liquids. As a matter of fact, in the center of the biggest
Al2MgC2 crystals the Al4C3 carbide could be found after
the thermal analysis as shown in Fig. 3 as a record of the
decomposition reaction. Al4C3 crystals contained 5.0 at.%
of Mg present in solid solution similarly to the findings of
Viala et al. at 727 °C [10].

One should note that the decomposition of Al2MgC2 was
measured under a pressure of 8 bar, half of it being due to
the vapor pressure of Mg and the other half to the Ar
pressure initially filled during arc-welding of the crucible
increasing with the temperature as an ideal gas.

Fig. 1 SEM observation of a 70Mg–19Al–11C wt.% sample
heat-treated 240 h at 1000 °C. The microstructure is characterized by
Al2MgC2 crystals, unreacted graphite and a 98.9Mg-1.1Al at.% matrix

Table 1 Composition in at.% of
the phases formed in 70Mg–
19Al–11C wt.% samples
heat-treated 240 h at 1000 °C

Phases at.% Mg at.% Al at.% C

Matrix 98.9 1.1 –

Al2MgC2 20.9 40.3 38.8
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Conclusion

The Al2MgC2 phase has been synthesized in sealed Ta
crucibles capable of withstanding up to 15 bar of internal
pressure. The ternary carbide decomposition temperature in
(Mg, Al) liquid was measured at 1290 °C by DTA. The

developed experimental procedure is promising as it allowed
working with magnesium at temperatures up to 1350 °C
where the pressure inside the crucible reaches 10 bar. Fur-
ther experiments including the determination of phase
equilibria at 1000 and 1290 °C are being carried out by the
authors to provide a complete thermodynamic description of
the Al–C–Mg system. Indeed, the thermodynamic modeling
of the Al2MgC2 carbide is of interest to support grain
refining of Mg-Al alloys by carbon inoculation under opti-
mized processing conditions by quantitative simulations.
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Development of Magnesium-Rare Earth
Die-Casting Alloys
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Abstract
An overview of the development of a high-performance
Mg–RE based alloy, HP2+, is presented, which has a
good combination of die-castability and mechanical
properties at ambient and elevated temperatures. The
original alloy, HP2, was a die-casing version of the
sand-cast alloy SC1 developed for powertrain applica-
tions. However, HP2 tended to crack substantially,
leading to unusable castings due to its high Nd content.
It was found that the solidification path of Mg–RE alloys
can be engineered to reduce the propensity to hot tearing
by changing the mixture of RE elements towards La-rich,
which leads to an increase in the amount of eutectic and a
reduction of the solidification range. Precipitate-forming
RE elements, such as Nd or Y, were optimized for HP2+
to meet the requirement for high temperature creep
resistance. Whilst some challenges remain with the
commercial application of HP2+, the learnings from the
alloy design process can be applied to other alloy
development programs.

Keywords
Mg–RE alloys � Creep resistance � Hot tearing
High-pressure die-casting

Introduction

Alloy design is a very complex challenge, as obtaining a
successful alloy is really a process of multi-variant opti-
mization. A successful alloy must be easily processable to
shape, have an excellent balance of properties, be inexpen-
sive and minimize impact to the environment over the life
cycle [1–3]. Magnesium alloys have the inherent advantage
of being the lowest density structural metal, although this is
only an advantage if the property profile is good. Hence
there has been a substantial effort to improve the properties
of magnesium alloys over many years to be able to realise
promised weight savings [2, 4, 5].

Most high-pressure die-cast alloys are based on the Mg–
Al alloy system. Mg–Al alloys are the most commonly used
alloys with AZ91 being the alloy most commonly used and
AM50/60 used in applications that require greater energy
absorption [6]. These alloys have inherently limited creep
resistance and whilst some improvement can be made by the
introduction of other alloying elements such as Si, rare earth
(RE) elements, Ca and Sr, there appears to be a limit on the
amount of improvement possible.

Magnesium–RE alloys have been a candidate alloy sys-
tem for high end mechanical and elevated temperature
properties. There are a number of systems that are
age-hardenable (e.g. Nd, Y and Gd) [7], and it has been
commonly known that adding rare earths to alloys improves
the creep resistance, whether that be to Mg–Al alloys, Mg–
Zn alloys or as a primary alloying element itself [8].

The process which Mg-alloys most easily lend themselves
to is casting, particularly high-pressure die-casting [9, 10].
The inherent advantages include shorter production times due
to lower latent and specific heat, reduced die soldering and
excellent fluidity. There have been a number of successful
Mg–RE based alloys developed for sand-casting and
permanent-mould casting, including WE54/43 [11] and
AM-SC1, but it has proven very challenging to make these
alloys castable in high-pressure die-casting.
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A Mg–RE rich high-pressure die-cast alloy was proposed
in about 2000 [12, 13] but interest was lost rapidly due to its
poor castability. The CAST Co-operative Research Centre
developed the alloy AM-SC1 which was a successfully tri-
alled sand-cast/permanent-mould cast alloy [14–16] but
when an alloy of similar composition (primarily without Zr)
named HP2 [17] was high-pressure die-cast it was found to
hot tear and could not reliably produce sound castings. The
difficulties associated with this led to a long-term alloy
development program to design a high-performance
high-pressure die-cast alloy without it being too expensive.

Alloy Development

This section describes the approach taken to develop a
high-pressure die-castable Mg–RE alloy. The main consid-
eration is how to get the RE mix correct, but minor elements
such as Zn and Al are also critically important to the per-
formance of the alloy.

Rare Earths

Understanding the roles of individual RE elements was the
key factor in being able to improve the performance of
Mg-RE alloys. Until recently, it has been most common for
rare earth additions to be made as a Ce-rich misch metal,
often containing approximately 60%Ce, 30% La, and up to
10%Nd with some Pr and other rare earths also usually
present in small amounts. Typically, the nomenclature for
RE additions has been ‘E’ and to a large extent it was
assumed that all rare earth elements behaved similarly. The
main factor that was important to understand was how the
different RE elements behaved when added to Mg in
castability [18, 19], and in various properties such as
strength [20], creep [21] and corrosion resistance [22, 23].

Studying binary alloy systems, allowed us to understand
the behaviour of each particular RE and provided the
building blocks to understand multi-RE systems. Whilst the
mechanical properties of Mg–RE alloys did not vary too
much between the different REs [20], other properties did
vary considerably. The different behaviour that could be
easily explained by their different phase diagrams (Fig. 1).
Mg–Nd alloys have a much higher propensity to hot tearing
than Mg–Ce and even more so compared to Mg–La alloys,
which showed little hot tearing even at around additions of
1–2% where hot tearing tends to peak [19]. This was
because of the larger solidification range for Mg–Nd alloys.
Mg–Nd alloys however, had by far the best creep properties,
which appears to be due to the greater solubility of Nd in Mg
leading to increased levels of precipitation during creep [21].
Yield strength increased and ductility decreased with the

addition of RE elements for all alloys and is related to the
type of intermetallic and its volume fraction. Corrosion rate
tended to also increase with the amount of intermetallic
although there also appeared to be an effect of the changes in
intermetallic morphology [22, 23].

Whilst some work has been performed to develop
multi-component phase diagrams for these alloys [24–26],
what was observed experimentally was that multi-
component Mg–RE alloys were found to act as
pseudo-binary eutectic alloys. All alloys containing La, Ce
and Nd, except for binary Mg–Nd alloys [20, 27] consisted
of primary a-Mg and a eutectic of a-Mg and a (La, Ce, Nd)
Mg12 intermetallic phase, where the different REs almost
were interchangeably soluble in the intermetallic phase
(Fig. 2). This meant that the RE mix can be used to tailor the
solidification range, eutectic composition and the inter-
metallic morphology. For example, increasing the La content
in the RE mix reduces the solidification range and increases
the amount of eutectic but reduced the amount of solute in
solid solution. This leads to a reduction in hot tearing and a
decrease in creep resistance.

Since the RE elements were found to predominantly form
the REMg12 phase, a reasonably consistent relationship of
strength and ductility was found with the total RE
(TRE) content (Fig. 3). The slightly lower amount of
REMg12 phase in the Nd-rich alloys due to the greater
amount of Nd in solid solution did not significantly affect the
relationship. From data from over 30 alloys with different
TRE contents and RE ratios it was observed that at TRE
contents above 4 wt%, the alloy became too brittle to be
useful. Hence it was clear that the TRE content needed to be
in the range 3–4 wt%. Lower RE contents, depending on the
mix, could lead to an increased hot tearing susceptibility.

The creep response and the hot tearing susceptibility of
the alloys were found to be very dependent on the RE type
as would be expected from the results of the binary alloys
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Fig. 1 Mg–La, Mg–Ce, and Mg–Nd phase diagrams [28] overlaid on
one another and assuming straight lines between invariant points to
demonstrate the differences between the phase diagrams [19]
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[19, 21], where in an alloy containing approximately 4 wt%
RE, alloys that are Nd-rich have high creep resistance and
alloys that are La rich had high resistance to hot tearing
(Fig. 4). It is an interesting observation that the initial creep
response is highly influenced by the RE addition, with the
primary creep level (defined here as the strain after 1 h) is an
order of magnitude larger in the alloy with the lowest Nd
content than with the highest Nd content. This is despite the
alloy with 7.3% of its RE addition being Nd having the
highest proof strength at the test temperature. Two of the
conventional critical factors for describing creep behaviour
are the creep strain at 100 h and the steady-state creep rate.
There is clearly a dramatic improvement in creep response as
the Nd content is increased and there is a transition in the
behaviour at about the alloy containing 38.6% Nd in its RE
mix for both of these indicators. It can be inferred from these
results that the benefits of the Nd on the creep properties are
virtually fully realised once Nd becomes the dominant RE
element in the composition. There appears to be little to gain
by increasing the Nd proportion significantly above 50% Nd
in the RE mixture for optimum creep performance.

However, below about 40% Nd the creep behaviour
becomes extremely sensitive to composition and the creep
performance deteriorates exponentially with decreasing Nd
content in the alloy composition. It is clear that there are
combinations that had relatively low hot tear susceptibility
and very good creep resistance (27–38%Nd).

A castability die was developed to provide a compre-
hensive assessment of castability for magnesium alloys [1,
30]. The changes from HP2 to HP2+ were the increase in the
amount of La present, but also a reduction in the Ce and Nd
content along with a small addition of Y, which also assists
with the creep performance [31] but can also affect hot
tearing behaviour [32]. It is clear that there is a substantial
improvement in castability (Fig. 5) with the modification in
alloy composition [33].

Given the understanding of the role of RE elements the
following alloy design considerations were developed:

• The total RE content needs to be less than 4.0 wt%. If it
is higher than this the elongation to fracture drops below
the 2% which can make the alloy too brittle.

Fig. 2 TEM bright field images, micro-beam electron diffraction patterns (B � [011]) and EDX spectra from the interdendritic intermetallic phase
in as-cast alloys with a TRE content comprising 7.3% Nd (a and d), 38.6% Nd (b and e) and 87% Nd (c and f). Images modified from [29]
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• The total RE content needs to be above 2.5–3.0 wt%.
This is particularly important for hot tearing, as unless
the alloy contains almost entirely La then some hot
tearing will be observed.

• La is preferred to be the major RE mixture. This is
because Mg–La alloys are much less susceptible to hot
tearing.

• RE elements with some solubility do need to be added as
these are key to obtaining the excellent creep properties.
Nd, Y and Gd are all possible alloying additions. See
Gavras et al. [31, 32] for considerations.

Zn Additions

Zn additions have also been found to be critical to the
performance of Mg–RE alloys. However, again there is a
‘trade-off’ between hot tearing and creep performance. It has
been found that Zn additions improve creep by reducing the
minimum creep rate by an order of magnitude and to
maintain very low creep-strain for prolonged duration of
testing (Fig. 6). With the addition of Zn to Mg–Nd–La alloy
a very high number density of c″ precipitated on both basal
and prismatic planes compared to that observed in the base
alloy [34, 35]. Such higher number density is expected to
enhance the load bearing capacity of the Zn-containing
alloy. Examination of dislocation substructures (of Mg–Nd–
La–Zn) at minimum creep rate indicated that both intra-
granular precipitates and interdendritic phases are con-
tributing the creep resistance by regarding dislocation
motion. In addition it has been shown that the presence of

Fig. 3 a 0.2% Proof strength and
b Elongation to fracture plotted
against the total rare earth content
(La, Ce and Nd) for over 30 alloys
that also contain 0.5–0.7 Zn and
up to 0.06 Al
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Fig. 4 a Creep curves at 177 °C and 90 MPa. The inset shows the
creep strain (%) after 1 h as a function of the percentage of Nd in the
rare earth mixture. Modified from [29]. b Hot tearing index measure-
ment out of a total of 4. To obtain measurement details see [19]. An
alloy needs to have a value of less than 0.5 and preferably less than 0.2
to be castable. The original HP2 alloy had an HTI of 0.8–1.0. The
alloys contain approximately 0.2 Ce so the Mg–RE alloys with different
ratios of La to Nd in the TRE mix (Note: The percentage of Nd content
in the alloy is indicated with the associated creep curve). The alloys
also contained 0.5–0.6% Zn
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both Zn and RE elements strengthen the interplanar bonding
by imparting covalent bond character within the Mg-matrix
and also at the c″/Mg interfaces [36]. As a result, a distri-
bution of such local covalently bonded regions inside the
Mg-matrix increases the out-of-plane vacancy migration
energy barrier by an order of magnitude compared to that
without the presence of Zn and this makes dislocation climb
more difficult. Therefore, the alteration of electronic struc-
ture, together with the influence on the precipitate mor-
phology and distribution, highlights Zn as an effective
alloying element for developing creep resistant Mg–RE
alloys, including HP2+.

Al Additions

One of the more surprising discoveries of the alloy devel-
opment program was the importance of the amount of Al on
creep. It is known that Al additions decrease the creep per-
formance of Mg-based alloys. However, in these alloys it
was found that a small amount of Al between 0.05–0.20 wt
% affected the creep response dramatically (Fig. 7).

The addition of Al to HP2-type compositions appears to
result in the formation of a second intermetallic phase within
the interdendritic regions and in association with the Mg-RE
compound observed in low Al content alloys. This
Al-containing intermetallic phase has a more blocky

Fig. 5 Typical castings in a castability die of the original Ce-rich alloy HP2 (Mg-1.62Nd-0.66Ce-0.37La-0.5Zn) and the modified HP2+ alloy
(Mg-0.72Nd-0.34Ce-2.81La-0.4Zn-0.29Y) showing a dramatic reduction in the amount of solidification defects
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Fig. 6 Creep curves obtained under the same test conditions for
Mg-3.5 wt%Nd-2.49 wt%La (red curve) andMg-3.3 wt%Nd-2.43 wt%
La 0.77 wt%Zn (blue curve). Data from [34]
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morphology than the REMg12 phase (Fig. 8). It appears that
the Al-containing intermetallic is also richer in Nd than the
Mg–RE phase. As such, it is therefore likely that the Nd that
is available to precipitate during creep in the alloy containing
0.05 wt% Al, Fig. 8, is removed from solid solution and

tied-up in the second compound that forms on solidification
in the 0.23 wt% Al alloy and that this results in a dramatic
deterioration in the creep response.

Alloy Composition and Properties

From these considerations an alloy called HP2+ was defined
as containing the following elements:

• 2.0–2.8 wt% La/Ce with La being the major element.
This is to provide a castable base to the alloy;

• Up to 1.0 wt%Nd and 0.2 wt%Y can be added to the
alloy to improve alloy performance, particularly at ele-
vated temperatures but this needs to be ‘traded off’
against an increase susceptibility to hot tearing;

• Zn additions at up to 0.5 wt% improves the elevated
temperature mechanical properties but again Zn additions
increase hot tearing susceptibility;

• Al less than 0.2 wt% to improve the creep resistance;
• Y also improves melt stability, Be can also be added at a

few ppm for melt stability; and
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Fig. 7 Creep curves at 177 °C/90 MPa showing the influence of Al in
a base alloy composition of Mg-1.43 wt%Nd-0.55 wt%Ce-0.33 wt%
La-0.59 wt%Zn
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Fig. 8 Bright-field micrographs from crept specimens (at 177 °C,
90 MPa) from a an Al content of 0.05% showing a triple point, with
arrays of fine precipitates decorating dislocations in close proximity to
grain boundaries and b an Al content of 0.23%, showing an absence of

precipitates and two types of interdendritic phases, the Mg–RE-based
continuous intermetallic (labelled ‘A’) and a small blocky phase that is
Al–RE (Nd-rich) (labelled ‘B’)

Table 1 A comparison of the main properties of HP2+ with other die-cast magnesium alloys and aluminium alloy A380

Room Temp 177 °C Creep Strengtha @177 °C
(MPa)

Material Cost (Relative to
AZ91)bAlloy 0.2% YS

(MPa)
Elong
(%)

0.2% YS
(MPa)

Elong
(%)

HP2+ 174.6 3.7 125.9 10.6 102 1.30

AE44 129.6 13.2 96.1 34.2 82 1.30

AXJ530 187.7 4.2 146.1 13.4 92 1.02

A380 165.6 4.4 165.5 6.5 72 *1.0
aStress to produce 0.1% creep strain after 100 h
bBased on metal prices on July 15, 2014
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• Small additions of Zr and/or Mn can be used to reduce
the detrimental effects of transition metals, especially Fe,
on corrosion.

HP2+ has been shown to have premium high temperature
performance compared with other commercial and
semi-commercial alloys (Table 1) [2]. The addition of Nd
and Y also put it on the premium end of the cost curve with
approximately 40% increase in the cost of the elemental
additions over AZ91 [37]. It should be noted that the due to
the use of RE elements and the tight control on some of the
elemental additions, there may be some additional costs in
the manufacture of the alloy. At room temperature, its duc-
tility is a little lower than many of the other alloys, however,
the reason for this is the continuous intermetallic phase,
which is the dominant phase in the eutectic, and eutectic is
required to reduce the hot tearing susceptibility of the alloy.
It is likely that this intermetallic scaffold improves the
strength especially at high temperatures [38], which is also a
feature of die-cast Al alloys used at elevated temperatures.

Conclusions

The path to develop a new alloy is a very complicated one.
Often the optimization of one property leads to a reduction
in another. In the development of a high-pressure die-cast
alloy HP2+, important learnings included:

• The choice of the RE element mixture has a significant
effect on the hot tearing susceptibility during
high-pressure die-casting. To achieve suitable castability
it is necessary to have sufficient La in the RE mixture to
allow for the formation of a volume fraction of eutectic
phase and to reduce the freezing range, both are required
to prevent hot tearing.

• The choice of the RE element mixture has a significant
effect on the creep behaviour of HPDC Mg–RE alloys.
To achieve good elevated temperature properties it is
necessary to have Nd (or Y) as the dominant RE addition.
It is likely that the improved creep resistance, defined by
the primary creep response and the steady state creep
rate, is related to the presence of neodymium in solid
solution.

• The selection/control of appropriate minor alloying ele-
ments can have dramatic effects on the alloy property
balance, particularly the creep response. In particular Zn
and Al are of great importance.

Acknowledgements The authors would particularly like to acknowl-
edge the late Prof. Gordon Dunlop, who over the expanse of his career
as the CEO of the CAST CRC and at Advanced Magnesium

Technologies as an industry partner, started and always supported this
alloy development journey. There were many people that contributed to
this work over the years, but two of the most important were Andy Yob
and Maya Gershenzon, who made tens of thousands of castings on the
Toshiba high-pressure die-casting machine at CSIRO.

References

1. Easton, MA, SM Zhu, TB Abbott, M Dargusch, MT Murray, G
Savage, N Hort and MA Gibson (2016). Evaluation of Magnesium
Die-casting Alloys for Elevated Temperature Applications: Casta-
bility. Adv. Engng. Mater. 18(6): 953–962.

2. Zhu, SM, MA Easton, TB Abbott, JF Nie, M Dargusch, N Hort
and MA Gibson (2015). Evaluation of Magnesium Die-casting
Alloys for Elevated Temperature Applications: Microstructure,
Tensile Properties and Creep Resistance. Metall. Mater. Trans.
A 46(8): 3543–3554.

3. Cáceres, CH (2007). Economical and Environmental Factors in
Light Alloys Automotive Applications Metall. Mater. Trans. A 38
(7): 1649–1662.

4. Luo, A (2004). Recent Mg alloy development for elevated
temperature applications. Int. Mater. Rev. 49(1): 13–30.

5. Pekgüleryüz, MÖ and M Celikin (2010). Creep resistance in
magnesium alloys. Int. Mater. Rev. 55(4): 197–217.

6. Aune, TK, H Westengen and T Ruden (1993). Mechanical
Properties of Energy Absorbing Magnesium Alloys: SAE paper
no. 930418.

7. Apps, PJ, H Karimzadeh, JF King and GW Lorimer (2003).
Precipitation reactions in magnesium-rare earth alloys containing
yttrium, gadolinium or dysprosium. Scripta Mater. 48: 1023–1028.

8. Nie, JF (2012). Precipitation and Hardening in Magnesium Alloys.
Metall. Mater. Trans. A 43(11): 3891–3939.

9. King, JF (2007). Magnesium: commodity or exotic? Mater. Sci.
Technol. 23(1): 1–14.

10. Abbott, TB (2015). Magnesium: Industrial and Research Devel-
opments Over the Last 15 Years. Corrosion 71(2): 120–127.

11. Ahmed, M, GW Lorimer, P Lyon and R Pilkington (1992). The
Effect of Heat Treatment and Composition on the Microstructure
and Properties of Cast Mg-Y-RE Alloys. Magnesium Alloys and
Their Applications: 301–308.

12. Moreno, IP, TK Nandy, JW Jones, JE Allison and TM Pollock
(2001). Microstructural Characterisation of a Die-Cast
Magnesium-Rare Earth Alloy. Scripta Mater. 45: 1423–1429.

13. Moreno, IP, TK Nandy, DS Jones, JE Allison and TM Pollock
(2003). Microstructural stability and creep of rare-earth containing
magnesium alloys. Scripta Mater. 48: 1029–1034.

14. Gibson, MA, CJ Bettles, SM Zhu, MA Easton and JF Nie (2009 of
Conference). Microstructure and mechanical properties of a
Mg-rare earth based alloy AM-SC1. Magnesium Technology
2009, The Minerals, Metals and Materials Society, Warrendale
PA: 243–248.

15. Kunst, M, A Fishersworring-Bunk, MA Gibson and GL Dunlop
(2008 of Conference). Mechanical property evaluation of
permanent-mould cast AM-SC1 Mg-alloy. SAE 2008 world
congress, Detroit, USA: SAE technical paper 2008010375.

16. Bettles, CJ, MA Gibson and SM Zhu (2009). Microstructure and
Mechanical Behaviour of an Elevated Temperature Mg-Rare Earth
Based Alloy. Mater. Sci. Engng. A 505(1–2): 6–12.

17. Gibson, MA, CJ Bettles, MT Murray and GL Dunlop (2006).
AM-HP2: A new magnesium high pressure die-casting alloy for
automotive powertrain applications. Magnesium Technology
2006, The Minerals, Metals and Materials Society, Warrendale,
PA: 327–332.

Development of Magnesium-Rare Earth Die-Casting Alloys 335



18. Easton, MA, S Gavras, MA Gibson, S Zhu, JF Nie and T Abbott
(2016 of Conference). Hot tearing in Magnesium - Rare Earth
Alloys. Magnesium Technology 2016, Nashville, TN, USA, TMS
(The Minerals, Metals & Materials Society): 123–128.

19. Easton, MA, MA Gibson, S Zhu and T Abbott (2014). An a priori
hot tearing indicator applied to die-cast magnesium-rare earth
alloys. Metall. Mater. Trans. A 45A(8): 3586–3595.

20. Chia, TL, MA Easton, SM Zhu, MA Gibson, N Birbilis and JF Nie
(2009). The effect of alloy composition on the microstructure and
tensile properties of binary Mg-rare earth alloys. Intermetallics 17:
481–490.

21. Zhu, SM, MA Gibson, MA Easton and JF Nie (2010). The
relationship between microstructure and creep resistance in die-cast
magnesium-rare earth alloys. Scripta Mater. 63(7): 698–703.

22. Birbilis, N, MK Cavanaugh, AD Sudholz, S Zhu, MA Easton and
MA Gibson (2011). A combined neural network and mechanistic
approach for the prediction of corrosion rate and yield strength of
magnesium-rare earth alloys. Corr. Sci. 53(1): 168–176.

23. Birbilis, N, MA Easton, AD Sudholz, SM Zhu and MA Gibson
(2009). On the corrosion of binary magnesium-rare earth alloys.
Corr. Sci. 51(3): 683–689.

24. Gröbner, J, A Kozlov, R Schmid-Fetzer, MA Easton, S Zhu, MA
Gibson and JF Nie (2011). Thermodynamic analysis of as-cast and
heat-treated microstructures of Mg–Ce–Nd alloys. Acta Mater. 59
(2): 613–622.

25. Gröbner, J, M Hampl, R Schmid-Fetzer, MA Easton, S Zhu, MA
Gibson and JF Nie (2012). Phase analysis of Mg-La-Nd and
Mg-La-Ce alloys. Intermetallics 28: 92–101.

26. Schmid-Fetzer, R, J Gröbner, A Kozlov, M Hampl, MA Easton, S
Zhu, MA Gibson and JF Nie (2013 of Conference). Thermody-
namics of phase formation in Mg-La-Ce-Nd alloys. Magnesium
Technology 2013, San Antonio, Texas, TMS (The Minerals,
Metals & Materials Society): 243–248.

27. Easton, MA, MA Gibson, D Qiu, SM Zhu, J Gröbner, R
Schmid-Fetzer, JF Nie and MX Zhang (2012). The role of
crystallography and thermodynamics on phase selection in binary
magnesium–rare earth (Ce or Nd) alloys. Acta Mater. 60: 4420–
4430.

28. Rokhlin, LL (2003). Magnesium alloys containing rare earth
metals. New York, USA, Taylor & Francis.

29. Zhu, SM, MA Gibson, JF Nie, MA Easton and CJ Bettles (2009).
On the Creep Resistance of HPDC Mg-RE based alloys. Mater.
Sci. Forum 618–619: 453–458.

30. Strobel, K, MA Easton, V Tyagi, MT Murray, MA Gibson, G
Savage and T Abbott (2010). Evaluation of the castability of high
pressure die cast magnesium based alloys. Int. J. Cast Met. Res. 23
(2): 81–91.

31. Gavras, S, S Zhu, JF Nie and MA Gibson (2016). On the
microstructural factors affecting creep resistance of die-cast Mg–
La-rare earth(Nd, Y. or Gd) alloys. Mater. Sci. Engng. A 675:
65–75.

32. Gavras, S, MA Easton, MA Gibson, S Zhu and JF Nie (2014).
Microstructure and property evaluation of high-pressure die-cast
Mg–La–rare earth (Nd, Y or Gd) alloys. J. Alloy. Compd. 597:
21–29.

33. Gibson, MA, MA Easton, V Tyagi, MT Murray and GL Dunlop
(2008 of Conference). Further improvements in HPDC Mg alloys
for powertrain applications. Magnesium Technology 2008, New
Orleans, LA, The Metals, Minerals and Materials Society:
227–232.

34. Choudhuri, D, D Jaeger, MA Gibson and R Banerjee (2014). Role
of Zn in enhancing the creep resistance of Mg–RE alloys. Scripta
Mater. 86: 32–35.

35. Choudhuri, D, D Jaeger, S Srivilliputhur, MA Gibson and R
Banerjee (2015 of Conference). Creep response of a Zn containing
Mg-Nd-La alloy. Magnesium Technology 2015, John Wiley &
Sons Inc., NJ, USA, 2015: 35–39.

36. Choudhuri, D, S Srivilliputhur, MA Gibson and R Banerjee (2017
of Conference). Bond environments in a creep resistant Mg-RE-Zn
alloy. Magnesium Technology 2017, Springer International Pub-
lishing, Cham, Switzerland: 471–475.

37. Easton, MA, S Zhu, MA Gibson, T Abbott, HQ Ang, XB Chen, N
Birbilis and G Savage (2017 of Conference). Performance
Evaluation of High-Pressure Die-Cast Magnesium Alloys. Mag-
nesium Technology 2017, San Diego, CA, The Minerals, Metals
and Materials Society: 123–129.

38. Zhang, B, S Gavras, AV Nagasekhar, C Caceres and MA Easton
(2014). The Strength of the Spatially Interconnected Eutectic
Network in HPDC Mg-La, Mg-Nd, and Mg-La-Nd Alloys. Metall.
Mater. Trans. A 45(10): 4386–4397.

336 M. Easton et al.



Creep Resistant Mg–Mn Based Alloys
for Automotive Powertrain Applications

Mert Celikin and Mihriban Pekguleryuz

Abstract
Quaternary Mg–Sr–Mn–Ce alloys were developed for
automotive powertrain applications. The design strategy
was based on previous studies of the authors studies on the
creep behaviour of subsystems (Mg–Mn, Mg–Ce–Mn,
Mg–Sr–Mn) and the role of Mn in the dynamic precip-
itation of fine nano-scale dispersoids. In the present work,
the creep resistance and the microstructural evolution of
the selected quaternary Mg–Sr–Mn–Ce compositions
were investigated. The final creep strain in the quaternary
alloys was seen to be four times lower than the ternary
Mg–Sr–Mn alloys creep tested at 200 °C under 50 MPa
stress. The creep strengthening was attributed mainly to
the dynamic co-precipitation of Mg12Ce and a-Mn phases.

Keywords
Magnesium alloy � Rare-Earth � Creep � Transmission
electron microscopy � Dynamic precipitation

Introduction

Environmental concerns have dictated the reduction in
weight to be the key factor in alloy development strategies for
automotive applications. The most significant weight reduc-
tion can be achieved by replacing steel (7.75–8.05 g/cm3)
and aluminium (2.70 g/cm3) powertrain components (engine
block and transmission case) with the lightest structural
metal, magnesium (Mg) with a density of 1.74 g/cm3. Today,
the use of Mg alloys in powertrain components is limited due
to the low creep resistance of the most common Mg alloys

(AZ91, AM50) [1–3]. It is known that silicon, rare-earths
(RE) and alkaline earths improve the creep resistance of Mg–
Al alloys. The important examples in the past are the use of
Mg–Al–Si alloys by VW in the 70s, and more recently the
use of AE (Mg–Al–RE) alloy in the Corvette engine cradle
and the AJ (Mg–Al–Sr) alloy by all BMW models between
2004 and 2014 in the Mg engine block with aluminium insert.
AE and AJ alloys may not offer adequate performance for
many monolithic engine blocks exposed to 40–50 MPa at
temperatures of 175–200 °C. Extensive studies in the last two
decades focused on RE alloying additions to Mg for
improving the creep resistance at the expense of production
cost [4–6]. Hence, the development of cost-efficient Mg
alloys to be used by the industry necessitates limiting the use
of RE additions at low concentrations through the combined
use of alloying additions.

Mn-bearing Mg–Sr–Mn alloys previously studied by the
authors revealed that the dynamic precipitation of a-Mn
from the supersaturated a-Mg matrix is the main factor for
the creep resistance of the alloys up to 175 °C [7, 8]. Dis-
location pinning by dynamically formed a-Mn precipitates is
the governing factor in creep resistance, but an increase in
the amount of Mg17Sr2 dendritic phase also improves the
creep performance.

This study aims at understanding the effects of minor
cerium (Ce) additions on the creep resistance of ternary Mg–
Sr–Mn alloys. The effect of Ce on Mg has been studied in
the past. The main intermetallic phase, Mg12Ce, in binary
Mg–Ce alloys exists both as coarse interdendritic eutectics
and as intradendritic solid state precipitates [5, 6, 9, 10].
Studies on Mg–Ce alloys show that the dynamically formed
intradendritic Mg12Ce precipitates have a more dominant
effect than the coarse interdendritic Mg12Ce eutectic on
creep resistance [6, 11]. The removal of interdendritic phase
via solution treatment in Mg–Ce alloys is reported not to
have any effect on the creep properties at 200 °C [4], how-
ever, substantial improvement in creep strength was obtained
with the refinement of precipitate size via Mn additions to
the binary Mg–Ce system [4–6, 12]. The authors have
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previously reported that dynamically co-precipitated a-Mn
and Mg12Ce phases mutually affect the nucleation and
growth of the precipitates leading to both a decrease in
precipitate size and an increase in the number of precipitates
in ternary Mg–Ce–Mn alloys [6].

The present work investigates the dynamic precipitates and
their role in creep resistance in two quaternary compositions,
Mg–5Sr–2Mn–0.5Ce and Mg–3Sr–2Mn–0.5Ce (% wt.), and
compares to the dynamic precipitation observed in Mg–(3–5)
Sr–2Mn ternary alloys through creep tests andmicrostructural
characterization.

Experimental Procedure

Mg–Sr–Mn–Ce alloys were prepared in a Norax induction
furnace using pure Sr (99.99%wt.) and pure Ce (99.7%wt.)
supplied byHEFA, pureMg (99.9%wt.) andMg–Mn (5%wt.)
master alloy (Applied Magnesium—formerly Timminco).
Consecutive additions of Mg–Mn master alloy, pure Sr and
pure Ce was done under a protective atmosphere of CO2 +
0.5%SF6 at 700 °C. The melt was cast from a temperature of
735–740 °C into a boron-nitride coated steel-mold (preheated
to 400 °C prior to casting) to produce cylindrical castings
200 mm in length and 30 mm diameter. Cast bars were
machined into tensile creep specimens according to the
ASTM E8-04 standard (gauge length: 50 mm and gauge
diameter: 12.7 mm) [13]. The chemical composition of the
cast bars was determined via ICP-OES analysis (Table 1).
Compositions in this work are presented in wt% unless
otherwise stated. Tensile creep tests were performed under
40–50 MPa stress at a temperature of 175–200 °C on as-cast
alloys. Two extensometers (B1-error (e) ≲ 0.0001 mm/mm)
were attached for displacement measurements during each
creep test. Thermocouples with an error of ±0.1 °C were
connected to the creep specimens for temperature control.
Scanning electron microscopy (SEM) analysis are conducted
(Hitachi SU3500 SEM at 20 kV) on samples that are ground
and polished up to 1200 grid and 1 lm diamond paste
respectively. Samples for (scanning) transmission electron
microscopy (TEM) investigation were first cut as plates of
1.0 mm thickness, and then ground down to 1200 grid to
obtain 0.2 mm thick plates. Discs, 3 mm in diameter, were
punched and then Ion-beam Polishing (PIPS) was conducted
using GATAN 691 PIPS at 4 keV (Gun tilt±4°). While TEM
analysis was conducted using Philips CM200 microscope at

200 kV, STEM analysis for high resolution EDS-mapping
was conducted using Hitachi SU-8500 SEM. For XRD anal-
ysis, Bruker D-8 Discovery X-ray Diffractometer was used
with Cu–Ka source at 40 kV and 40 mA (step size: 0.005,
step time: 300 s/frame, 2h range: 3.8–103°).

Results and Discussion

Microstructural Evolution

As-cast Mg–Sr–Mn–Ce alloys show typical dendritic solid-
ification structures. SEM/EDS analysis indicated that Ce is
present in dissolved state both within the matrix and in
interdendritic phases, whereas Mn is mainly concentrated in
intradendritic regions (Fig. 1a). The concentration of Mn
solely in intradendritic regions is due to its peritectic nature
in Mg. It was reported that the as-cast microstructures of
ternary Mg–Sr–Mn alloys with 3–5 Sr and 2 Mn (wt%)
consist of a-Mg matrix (supersaturated in Mn), primary
a-Mn particles and Mg17Sr2 intermetallic phase in inter-
dendritic regions [7, 8]. XRD and EDS analyses (Fig. 1b)
confirm that these three phases are also present in the Ce
containing quaternary alloys. No precipitates were found in
intradendritic regions of the quaternary alloys in the as-cast
condition.

Upon annealing at 250 °C for 200 h, no significant
coarsening was observed in the interdendritic Mg17Sr2 phase
while primary a-Mn phases increased in size (and amount)
consistent with the appearance of a-Mn peak in XRD spectra
(Fig. 1b). The most notable change in the microstructure
upon annealing is the precipitation from supersaturated
a-Mg matrix in intradendritic regions.

Apart from morphology and size variation, precipitates
can be distinguished with their difference in effective atomic
number. Two types of precipitates with different effective
atomic numbers were observed (Fig. 2) in annealed struc-
tures: (i) Precipitates with higher effective atomic number
(darker) are present both as polygonal, (100 nm) and
rod-like (5–20 nm in width and 100–200 nm in length);
(ii) precipitates with lower effective atomic number (less
dark) formed both as thin plates, (*1 µm in length and
*5 nm in width) and as polygones of irregular morphology,
(*100 nm in size). High resolution EDS maps showed a
distinct elemental distribution for the precipitates (Fig. 2b);

Table 1 Alloy compositions,
wt% (ICP-OES analysis)

Alloy Designation Mn Ce Sr

Mg–3Sr–2Mn JM32 2.09 0.06 3.27

Mg–3Sr–2Mn–0.5Ce JME321 1.90 0.43 3.50

Mg–5Sr–2Mn JM52 1.91 0.06 5.56

Mg–5Sr–2Mn–0.5Ce JME521 2.01 0.59 6.16
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Ce is concentrated in lower atomic number regions (Ce-rich
precipitates), whereas darker precipitates mainly consist of
Mn (Mn-rich precipitates). Sr is also present in trace levels
(Fig. 3b) in the intra-dendritic regions mainly in precipitates
consistent with its low solubility in Mg (0.11 wt% at 585 °C
[14]).

Mn-rich precipitates: The precipitates are most likely
a-Mn (Sr), in line with the binary Mn–Sr phase diagram
reporting the solubility limit of Sr in a-Mn as *0.25 wt% at
700 °C [15]. The morphology of rod-like precipitates
(Fig. 2a) is similar to the a-Mn precipitates observed in Mg–
Mn [16] binary and Mg–Sr–Mn ternary alloys previously
studied [7, 8]. On the other hand, larger polygonal
Mn-precipitates closely associated with Ce-rich precipitates
(Fig. 2b) seen in this present work agree with a-Mn pre-
cipitate morphology found in Mg–Ce–Mn alloys [6]. Hence,
it can be seen that the presence of Ce-rich precipitates alters
the size and morphology of a-Mn precipitates dynamically
formed from the supersaturated Mg matrix.

Ce-rich precipitates: In the Mg–Ce and Mg–Ce–Mn
systems, at Ce concentrations (up to *32 wt%Ce in the
Mg–Ce binary and *25 wt%Ce in the Mg–Ce–Mn ternary
systems) the stable phase is b-Mg12Ce. Since no phase forms
between Ce and Mn [14], Ce-rich precipitates with thin-plate
morphology are likely Mg12Ce phase. Long plate-like mor-
phology was reported for Mg12Ce phase in numerous studies
[6, 12, 17]. Moreover, the equilibrium b precipitates with
irregular (leaf-like) morphology as shown in Fig. 2.b, were
also found in earlier studies in association with b1 (Mg3Ce)
phases [18].

Creep Strengthening

The results of creep tests conducted at temperature and
stress ranges of 175–200 °C and 40–50 MPa are shown in
Fig. 3. The addition of a low level of Ce to the ternary
Mg–5Sr–2Mn results in four times lower strain value in

Fig. 1 a SEM images (with
EDS maps) and b XRD patterns
of Mg–5Sr–2Mn–0.5Ce alloy in
as-cast (AC) and heat treated
(HT-250 °C, 200 h) conditions
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Mg–5Sr–2Mn–0.5Ce (Fig. 3a). With the increase in Sr
level from 3 to 5%, an improvement in creep resistance
(200 °C, 50 MPa, 300–500 h) was also observed. However,
it should be noted that Ce concentration in Mg–5Sr–2Mn–
0.5Ce was *0.15% higher compared to the Mg–3Sr–2Mn–
0.5Ce alloy (Table 1), hence, the increase in creep resis-
tance can also be attributed to the additional Ce. The
minimum creep rate for Mg–5Sr–2Mn–0.5Ce (JME521) at
200 °C under 50 MPa was 2.78 * 10−10/s; this represents
higher creep performance than commercial Mg alloys tested
under similar conditions [2].

TEM/Selected area electron diffraction (SAED) analysis
showed that Mg12Ce thin-plates which were dynamically
co-precipitated with a-Mn (Sr) phase in the quaternary

alloys had a preferred orientation. Diffraction patterns
obtained at B ¼ 0111

� �
Mg indicate that they lie on the

f2110gMg planes (Fig. 4a). This is consistent with the ori-
entation of the Mg12Ce precipitates (observed in Mg–Ce
binary [12] and Mg–Ce–Mn ternary [6] alloys) where
plate-like precipitates lie along 0001½ �Mg. Moreover, coher-

ency strain fields perpendicular to the surface of Mg12Ce
thin-plates g ¼ 2110

� �
were also observed. TEM analysis of

creep tested JME521 alloy also shows that dislocations are
pinned via both the Mg12Ce and a-Mn (Sr) precipitates
(Fig. 4c). Hence, the dynamic co-precipitation of Mg12Ce
along with a-Mn, as well as a-Mn precipitation itself act as
obstacles against dislocation motion during creep

Fig. 2 a STEM images of intra-dendritic precipitates with changing
size and morphology formed upon annealing at 250 °C for 200 h in
Mg–5Sr–2Mn–0.5Ce. EDS-maps of precipitates b indicating presence

of two separate precipitates with concentration of Mn or Ce with trace
Sr presence

Fig. 3 The creep results for two different conditions; a 200 °C, 50 MPa and b 175 °C, 40 MPa indicating the effectivity of dynamic
Mg12Ce/a-Mn co-precipitation in quaternary Mg–Sr–Mn–Ce alloys
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deformation. This study shows that dynamic precipitation is
one of the key factors that can positively alter the creep
resistance of Mg alloys.

Conclusions

Mg–Sr–Mn–Ce alloys exhibit lower creep strain than the
ternary Mg–Sr–Mn alloys tested at 200 °C, 50 MPa. The
microstructure of the quaternary alloy is characterized by
interdendritic Mg17Sr2, primary a-Mn phase and Mg matrix
in the as-cast state. Upon annealing, co-precipitation of
a-Mn and Mg12Ce was observed in intradendritic regions.
Dynamically formed Mg12Ce thin-plates were oriented
preferentially on the f2110gMg planes found to be effective
in dislocation pinning. Hence, dynamic co-precipitation of
Mg12Ce and a-Mn was found to be responsible for creep
strengthening.

This study has been supported through a Discovery Grant
from the Natural Sciences and Engineering Research
Council (NSERC) of Canada. The authors thank Pierre
Vermette of McGill University for assistance in casting
experiments.
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Solutions for Next Generation Automotive
Lightweight Concepts Based on Material
Selection and Functional Integration

Horst E. Friedrich, Elmar Beeh, and Carmen S. Roider

Abstract
Various aspects of global trends like energy saving or
safety, economic and production targets or requirements
due to the automation give high and challenging targets
for the development of future vehicles. With respect to
these requirements weight saving is also a must during an
early phase of the concept and structural development
process. Within the Next Generation Car project the DLR
is looking for solutions for future integrated functions like
health monitoring and the combination of passive and
active safety functions. New material systems and novel
combinations of design methods are also developed. The
integrated approach of combining development and
optimization methods with tools for the design is the
key to the development of concepts for holistic light-
weight solutions and new vehicle concepts utilizing
highly automated and autonomous driving abilities.
Challenges and potentials for next generation lightweight
design are shown and solutions and results from the DLR
project Next Generation Car are presented.

Keywords
Lightweight concepts � Automotive structures
Integrated functions � Magnesium alloy

Introduction

Even if the topics of electrification and atomization of
vehicles are stronger in the current focus of public discourse,
lightweight technologies are an enabler for improving fuel
economy, enhancing the vehicle performance, extending the
range of future electric or fuel cell vehicles and for com-
plying with legal regulations. Caused by cost sensitive
large-production volumes in the automotive industry, there
is an ongoing competition between lightweight materials and
designs which is not only decided by performance but also
by costs. New requirements, e.g. through the implementation
of autonomous vehicles, new manufacturing routes, new
material developments and new concepts offer chances for
all available lightweight technologies. The DLR-Institute of
Vehicle Concepts as a neutral institution has decided to do
research on a large number of different technological light-
weight routes to compare them and to show possible appli-
cation areas. Therefor not only mechanical performance and
costs but also the life cycle assessment (LCA) of different
materials and production options are used as differencing
criteria.

Lightweight Design Strategy

For finding capable solutions to a lighter vehicle structure,
DLR is using a holistic lightweight strategy (see Fig. 1).
Starting with a detailed analysis of requirements for the
application, this first step allows to identify areas, where e.g.
new regulations offer new concept options or reduce their
number. In the second phase, concept ideas are developed.
Within this step the final solution is strongly influenced.
A concept has to use all possible improvements, like mod-
ified design space or functional integration, to make the
following steps of material selection and the shape opti-
mization as effective as possible. The decision on the final
concept has to be made in a loop by taking into account the
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material and shape since e.g. manufacturing options for
different materials have also an influence on the concept.

To select the right material for the right application, a
deep understanding of material potentials and properties is
necessary. Figure 2 shows greenhouse gas emissions
(GHG) of Steel, Aluminum, Magnesium, Glass- and
Carbon-fiber reinforced plastics and the influence of pro-
duction routes, e.g. for magnesium casting. It can be seen,
that improving the energy efficiency of manufacturing routes
and the availability of a recycling route are important factors
to make a lightweight material solution beneficial regarding
greenhouse gas emissions.

Next Generation Car (NGC)

At the German Aerospace Center in the research project
NGC, which is part of the program topic of terrestrial
vehicles, three different vehicle concepts are being devel-
oped according to the technical requirements and capabilities
of 2030: the Urban Modular Vehicle (UMV), the Safe Light
Regional Vehicle (SLRV) and the Interurban Vehicle (IUV).
The aim of NGC is to consolidate the technologies, methods
and tools for the various vehicle concepts researched at the
DLR in the field of transport, to generate synergies and to
demonstrate research results. The NGC project is divided

Fig. 1 Steps of a holistic
lightweight strategy, including
material selection

Fig. 2 Greenhouse gas emissions of lightweight materials (left) and a magnesium gearbox (right) [3]
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into the following areas: Vehicle Concepts, Vehicle Struc-
ture, Energy Management, Drive Train, Chassis and Vehicle
Intelligence [1]. Figure 3 shows the different objectives
being addressed with the three vehicle concepts, leading to
different requirements and different technological light-
weight solutions being suggested for the respective vehicle
body structure.

Safe Light Regional Vehicle (SLRV)—Safe
and Light by Sandwich Design

The NGC-SLRV is a very light regional car designed for the
vehicle class L7e. These kinds of small vehicles do not have
to fulfill special crash requirements by the regulations. DLR
has designed a vehicle body which nevertheless offers the
same crash safety level of a medium size passenger car.
Therefor novel technological approaches have been devel-
oped. The main idea is to build the vehicle body in a
sandwich intensive design and additionally utilize the sig-
nificant improvement of crash energy absorption by stabi-
lizing hollow profiles by a foam core. For the front and rear
structure flat sandwich structures with thin metallic skins and
a foam core are used to build a very light and stiff structure.
Through precise investigation into the crash behavior of
these sandwich structures, the front or rear structure
assembly can be used as a large energy absorbing structure
in the case of an accident.

To achieve a high safety level in case of a side impact,
like e.g. the pole impact, a foam filled ring structure protects
the passengers. Within the current SLRV concept the

material of the ring structure is a HSD-steel which offers
both high strength and ductility. The specific energy
absorption within the bending load case can be increased
from 140 to 500 J/kg by filling a ring structure, made from a
soft steel DC04, with a polyurethane foam with a density of
400 kg/m3. By using HSD-steel the specific energy
absorption increases to 714 J/kg [2].

DLR has conducted further investigations with alternative
profile materials. Magnesium AZ31B is usually a very brittle
material, which therefore performs weak, when it comes to
larger deformations, like in the bending load case. Further-
more, magnesium bulk materials show a significant
tension/compression asymmetry in their material properties,
which leads to challenges in designing components out of
this material. With the concept of foam filling these mag-
nesium profiles the bending behavior can be significantly
improved in such a way that it was possible to further
increase the specific energy absorption to a value of
772 J/kg. Figure 4 shows the comparison between bending
tests of a foam-filled steel profile and two different
foam-filled magnesium profiles.

Urban Modular Vehicle (UMV)—Side Crash
Structure

The NGC-UMV represents a modular vehicle platform,
where a modular body-in-white for electrified vehicles
allows designing derivations from people to cargo vehicle
and from assisted to fully automated vehicle. Hence the
vehicle structure has to be safe, light and modular. To meet

Fig. 3 Objectives of the NGC
vehicle concepts
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these requirements, a new approach for a holistic method for
urban vehicle concepts with electric powertrain has been
developed.

To address the challenging side crash requirements,
especially when carrying a large and heavy battery in the
floor area, a novel side impact protection system has been
developed and evaluated in a component crash test. Figure 5

shows the floor concept with an energy absorbing zone made
of an inner longitudinal rail and the rocker with metallic
sandwich structures in between.

The crash test shows a high energy absorption capability
and a very good correlation between test and simulation. The
design fulfills the requirements of scalability for being used
in a modular platform.

Fig. 4 Comparison of foam-filled profiles made out of DC04 and AZ31B

Fig. 5 Floor concept of the
NGC-UMV with energy
absorbing area (red) [3]
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Inter Urban Vehicle (IUV)—Lightweight Design
with Functional Integration

With the NGC-IUV, DLR is addressing a large and com-
fortable vehicle for travelling longer distances. Therefor this
concept is equipped with a fuel cell drive train which allows
the range of up to 1000 km (see Fig. 3). The vehicle body is
designed as a carbon fiber reinforced plastic (CFRP) struc-
ture with high content of functional integration, like e.g. the
wiring. The CFRP allows to lower the weight of the vehicle
body to less than 250 kg. This corresponds to a weight
reduction of more than 30% compared to current vehicles of
this size. Furthermore the CFRP leads to a high stiffness of
the structure and good crash safety.

Cross-Section Topics for Different
Applications

Besides the three NGC vehicle concepts the DLR-Institute of
Vehicle Concepts is working on cross-section technologies,
which can be applied in road and rail vehicles. Examples are
the topics of digitalization, additive manufacturing and
joining technologies. In the field of multi-material joining,
the research is focusing on so called cold joining techniques.

In areas, where different materials need to be joined, the
widely used welding technologies cannot be applied.
Therefor our research focusses on adhesive bonding and on
mechanical joints, like self-pierced rivets (SPR) or flow-drill
screws (FDS). Figure 6 shows examples of different joining
technologies investigated to be used e.g. in the three
NGC-concepts.

Summary

Future vehicles will still have to address a wide range of use
cases and user requirements. Therefor different technological
solutions for different segments are needed. Within the ‘Next
Generation Car’-Project, DLR has been developing techno-
logical solutions based on different materials, designs and
manufacturing technologies. A technology portfolio is pro-
vided for car manufacturer, from which a solution can be
selected e.g. for crashworthiness or weight saving or mate-
rial requirements. The Institute of Vehicle Concepts has
specialized competence in utilizing complex material prop-
erties, like magnesium bulk materials, sandwich structures or
other new material systems. With cross-section technologies
DLR offers solutions, which can be applied in a wide range
of vehicles.

Fig. 6 Research on different
joining technologies for the three
NGC-concepts
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Magnesium Pistons in Engines: Fiction
or Fact?

N. Hort, H. Dieringa, and Karl Ulrich Kainer

Abstract
Magnesium alloys are already widely used in numerous
applications in transportation and consumer products.
Ways have been found to improve corrosion and creep
resistance, formability in general, and processing routes
have been optimized. But would Mg alloys also be
suitable for use in an environment where friction,
corrosion, thermal fatigue and creep resistance at elevated
temperatures are issues? Due to lightweighting benefits,
pistons would be an ideal application for Mg based
materials. It is much more efficient to accelerate and to
decelerate a lightweight material compared to a heavier
one. Al alloy pistons are already fairly well established.
But Mg could provide further benefits compared with Al
due to its specific strength and mass. We will report the
state of the art in Mg pistons, with our own and others
approaches to improve properties and the challenges that
Mg pistons have to face.

Keywords
Magnesium alloy � Piston � Corrosion � Creep

Introduction

The question in the title is if Mg pistons are fiction or fact.
Both can actually be answered with yes. The fact is that there
are Mg pistons in service. But their application is limited to
racing. In today’s real life applications Mg pistons in internal
combustion engines are still fiction regardless of its history.
And this story leads back to the early days of Mg alloy
development and its use in several applications [1–4].

After the synthesis of metallic Mg by Sir Humphrey Davy
in 1808 it took a long time to establish production processes, to
produceMg in larger amounts (in the range of tons) and to find
proper applications. Due to its affinity to oxygen and the bright
flame of burning Mg, it was proposed as a possible flashlight
during the early days of photography. This offered completely
new possibilities and Mg was used in this area until the 1980s
when Mg flashlights were replaced by electronic flashes.

However, flashlights are not a lightweight application
where Mg is utilizing one of its advantages, its good specific
strength. Also if there are other challenges like poor corro-
sion behavior especially in contact with other metals (and an
electrolyte), its relatively poor creep performance and poor
deformation behavior, Mg still has advantages.

The benefits of Mg as a lightweight material was already
shown in the early 20th century [3]. Chemische Fabrik
Griesheim used their patented Elektron alloy (Mg–Al) for an
aircraft engine (1. Internationale Luftfahrtausstellung 1909,
Frankfurt, Germany). However, after World War I, in
Germany Mg got an increased attraction and alloy and pro-
cess development for several industrial applications started
successfully. The reason why Germany especially focused on
Mg alloys and process development is not completely clear
but resources, experiences and available processing opportu-
nities were developed and magnesium was widely applied.

1921 seemed to be the year of Mg pistons. There are
reports that DOW produced Mg pistons [4]. But more
importantly, the German Ministry of Transportation
(Reichsverkehrsministerium) issued a competition to
develop a lightweight piston. Two Mg pistons and two Al
pistons were awarded. The first two places went to:

1. Chemische Fabrik Griesheim (later bought by
W. Mahle), Mg piston

2. K. Schmidt (became later Kolbenschmidt), Al piston.

In the years after the competition, the Chemische Fabrik
Griesheim sold around half a million of Mg pistons mostly
for internal combustion engines for cars.
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It seemed that Mg pistons would be a superior or even
equal alternative to Al pistons. Racing motor cycles had
internal combustion engines with Mg piston. Mg pistons
also were applied in different engines for automobiles at this
time. Even in engines for airplanes Mg piston were widely
used (Fig. 1). At this time, the regular use of Mg pistons in
common internal combustion engines was a fact and com-
panies used the achieved world records etc. for advertise-
ments. But things changed and now Al pistons are most
common in high performance internal combustion engines.
What are the reasons that Mg pistons are now rarely used
when they were widely used in the 1920s to the 1940s?

On reason could be that molten Mg cannot be handled as
easy as molten Al. Molten Al always has a protective surface
layer in the solid and in the molten state (Pilling-Bedworth
ratio > 1). For molten Mg the Pilling-Bedworth ratio is in
the range of 0.8. This means that the surface layer of MgO
always cracks and allows further oxidation. Additionally the
MgO film does not stick to either molten or solid Mg. The

result is an ongoing oxidation that could lead to the ignition
of molten Mg. Therefore, melt protection is necessary and
increases the efforts during melt handling compared to Al
alloys [5].

The obvious sensitivity of Mg and its alloys regarding
oxygen is also one obstacle to its use in piston applications.
Internal combustion engines combust fuel in a reaction that
repeats several times per second. This also could lead to
improved oxidation of a Mg piston in service. This espe-
cially important for the piston head. However, as the fuel is
even more prone to oxidation (the reason why fuel is used in
internal combustion engines) normally oxygen should be
consumed by the combustion and is in general not available
for the reaction with Mg.

The piston head is frequently heated up by the combus-
tion, followed by rapid cooling immediately afterwards. This
continued expansion and contraction is also known as
thermal fatigue. The more heat resistant the piston material
is, the better the performance of a piston in service. To
overcome this problem metal matrix composites were
already considered for piston applications.

In general, it also has to be stated that properties of
standard Mg alloys at elevated temperatures often cannot
compete with Al alloys. Creep resistance is here of impor-
tance. To improve creep resistance several methods are
possible. Alloying is the first method. A combination of
alloying elements that form intermetallic phases on grain
boundaries and within grains have been state of the art for
decades. WE series alloys work like this. According to the
ASTM designation system [6] for Mg alloys, W represents
Yttrium. E stands for rare earth elements and in this case
mostly for Ce and Nd or a mixture of both (mischmetal).

Y forms intermetallics that are dissolved and
re-precipitated during heat treatments. Mg–Y intermetallics
can therefore be regarded as a useful measure to improve
creep resistance. They form in the grains and can act as
obstacles for dislocation movement. In WE additionally Zr is
added to achieve a homogeneous grain size. Ce/Nd form
intermetallic particles mainly on grain boundaries during
solidification. Due to their low solid solubility these particles
remain stable even at elevated temperatures and can pin
grain boundaries, preventing grain boundary sliding.

Figure 2 shows tomographic image of a WE43 cross
section. Here an enrichment of Y towards the grain boundary
can be observed as well as the fact that Nd is mainly
observed at grain boundaries. Moreover, the Zr particles are
in the center of the grains.

Nevertheless, due to the use of rare earth elements (RE) it
is relatively expensive. Moreover, WE series alloys have
been designed as sand cast alloys and are not really suitable
for high pressure die casting (HPDC). Due to the nature of
the casting processes production of pistons from WE by sand
casting does not fit industry requirements regarding mass

Fig. 1 Advertisement for Elektron piston from Mahle for airplane
engines, Germany, 1940
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production, dimensional accuracy, and cost efficiency.
HPDC fits these requirements but the WE alloy system (like
other creep resistant Mg alloy systems) have a relatively
short freezing interval. This leads to difficulties regarding
castability and mold filling and prevents its use in HPDC.

The mechanisms of alloying to improve creep perfor-
mance can be easily transferred to other alloys to improve
creep resistance. For instance, Ca or Sr can be added to Al
containing Mg alloys, reducing the amount of Mg17Al12 by
forming Al containing, producing high temperature stable
intermetallics within grains and on grain boundaries. How-
ever, REs are expensive and any intermetallic forming dur-
ing solidification has an impact on castability.

Using reinforcements is another possibility to improve
creep resistance. Options available include long or short
fibers, whiskers, micron or nano-sized particles or a mixture
of fibers/whiskers and particles. Long fibers have been used
in a project funded by the German Ministry of Research and
Education (Long-fiber reinforced magnesium alloys,
03M0361, 1994–1997) [8]. Preforms made from long carbon
fibers have been manufactured and were infiltrated by
squeeze casting. It could be shown that this process is
suitable to produce pistons. The pistons showed acceptable
creep resistance and thermal fatigue was also not an issue.

However, the reinforced pistons suffered from other
problems. The carbon fibers ended in the surface of the

piston head and the piston shaft. Therefore, they could react
with the environment. In the head, the fibers burned off
during combustion. This resulted in a loss of properties and
affected the function of the piston. Moreover, corrosion
occurred at the body of the piston.

Another approach was undertaken in the project
“Matalend—Materials and Process Engineering of new
creep resistant Mg alloys for Thixomolding”, also funded by
the German Ministry of Research and Education (03N3085,
2000–2004) [9]. Thixomolding (TM) was the chosen pro-
duction process and carbon short fibers reinforcements with
a length of 250 µm as well as micron sized Si particles (100
mesh) have been used in combination with AZ91 and creep
resistant MRI alloys. It could be shown that addition of Ca to
Mg–Al alloys in combination with thixomolding is suitable
to improve creep resistance by two orders of magnitude
compared to materials produced by HPDC (Table 1) [10].
Moreover, corrosion resistance is also improved [11].

The carbon fibers align parallel to injection direction
during thixomolding. Unfortunately, the process broke the
short carbon fibers into smaller pieces (Fig. 3a) due to the
screw movement in the thixomolding device. Therefore, the
fibers lost their effectiveness and did not contribute to an
improvement in strength at elevated temperatures.

The addition of Si particles also could be regarded as
successful. They partially reacted with Mg from the matrix
alloy. An interface consisting of Mg2Si formed and further
reactions were avoided. Figure 3b shows Si particles in a
matrix of MRI 230D. The Si particles appear in grey color,
while the Mg2Si at the interface between matrix and particles
appears in a blueish color. However, the Si particle were also
broken during thixomolding and had final sizes in the range
of 20–50 µm and therefore the efficiency of reinforcement
was not as high as expected.

The project “Nano-MMC—Ultra-lightweight materials
based on spray-formed Al alloys with high volume fraction
of Mg2Si and nano-particle reinforcement”, again funded by
German Ministry of Education and Research (03X3007,
2005–09), applied spray forming in combination with forg-
ing to produce pistons [12]. To further improve properties,
micron and nano sized particles were introduced. Even if in
this project Al was the matrix, the new processing chain
could be of interest for Mg as well. Again, feasibility was
shown. But in this project the consortium failed to

Fig. 2 Microtomography of a WE43 alloy: blue is Y, red is Nd,
yellow is Zr, the diameter of the structure is 1 mm [7]

Table 1 Secondary creep rates
(s−1) of AZ91-D and MRI153
[10]

Appl. stress (MPa) AZ91-D MRI153

HPDC TM HPDC TM

50 6.3 � 10−8 4.3 � 10−8 2.7 � 10−9 4.2 � 10−9

60 6.6 � 10−8 6.2 � 10−8 4.01 � 10−8 1.3 � 10−8

70 1.2 � 10−6 8.9 � 10−7 9.80 � 10−8 5.0 � 10−8

85 1.2 � 10−6 1.2 � 10−6 4.96 � 10−7 3.3 � 10−7
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incorporate the nano-particles into the matrix during spray
forming. Around 80% of the nano-particles were lost.

The problem of incorporating nano-particles into a melt
was solved within the EU project “Exomet—Physical pro-
cessing of molten light alloys under the influence of external
fields” (EU Grant Agreement 280421) [13]. This project
dealt with the improvement of properties of Al and Mg
alloys. External fields (electromagnetic, ultrasound) were
successfully used to incorporate nano-particles in the light-
weight metal matrix. The nano-particles could be homoge-
neously distributed. Their use in combination with the
already creep resistant alloy also improved creep resistance

further in the case of Elektron 21 (Fig. 4). Additionally the
application of ultrasound did not only distribute the
nano-particles homogeneously in the melt. It also led to a
substantial grain refinement (Fig. 5).

Besides improved properties at elevated temperatures,
wear has to considered. Obviously the body of the piston has
to avoid direct contact with the cylinder liner. Therefore
piston rings were established, to mitigate the effects of wear.
However, these rings are also in contact with the piston itself
and a can cause wear.

Last but not least there is the issue of corrosion. During
combustion water is created. And Mg easily reacts with
water and corrodes. While this is not a problem for the piston
head, corrosive attacks can occur on cold parts of the piston
e.g. the piston body.

Fig. 3 MRI 230 D with (a) carbon fibers and (b) Si particles

Fig. 4 (a) Creep curves of Elektron21 and Elektron21+1 wt% AlN
(b) and double logarithmic plot of minimum creep rate versus applied
stress from tests performed at 240 °C [14]
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Conclusions

What needs to be done to successfully introduce Mg pistons
to modern internal combustion engines?

• Use a creep resistant alloy
• Prevent corrosion
• Select appropriate materials that withstand thermal fatigue
• Install a suitable production process.

A number of creep resistant alloys exist and can be
processed without too many difficulties. Feedstock material

can also be produced. Nano-particles can be effectively
incorporated into the melt for further improvement of
properties. And like Al pistons, Mg pistons should be forged
to obtain an improved microstructure with an optimal
property profile. Where necessary a coating should be
applied to locally improve wear resistance and corrosion
behaviour.

Even if e-mobility will be important in the future, internal
combustion engines will not completely disappear in the
near future. And due to this fact, Mg pistons can definitely
contribute to a more efficient use of fuel. It is time for it!
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Development of Magnesium Sheets

Dietmar Letzig, Jan Bohlen, Gerrit Kurz, Jose Victoria-Hernandez,
Roland Hoppe, and Sangbong Yi

Abstract
Innovative semi-finished products require tailoring
mechanical properties and improving formability. Due
to science-based alloy design as well as optimization of
processing parameters (process-property relationship), it
is now possible to control microstructures, phase distri-
butions and texture development of magnesium sheets.
A combination of new technologies and innovative alloys
could help to alleviate the strong textures formed in
semi-finished Mg products. The presentation will show
Magnesium sheet development via twin roll casting
technology and the how the subsequent warm rolling
process influences the properties of the final magnesium
sheet metal. Further optimisation of process parameters of
twin roll casting and of the rolling process in combination
with alloy design lead to a microstructure showing
promising mechanical properties like high formability
und high strength.

Keywords
Magnesium-sheets � Twin roll casting � Rare earth
element free Mg-sheets

Introduction

At present, magnesium alloys used in the automobile
industry are mainly processed by die casting. This technol-
ogy allows components with a complex geometry to be
manufactured. However, the mechanical properties of die
cast materials often do not meet essential requirements with
regard to endurance, strength, ductility, etc. A promising
alternative for thin, large area parts, such as automotive body

components is to utilize sheet material. Sheet metal formed
parts are characterized by superior mechanical properties and
high quality surfaces without pores in comparison to die cast
components. Substitution of conventional sheet materials
such as steel or aluminum by magnesium sheets could lead
to significant weight savings. However, it will be necessary
to produce sheet material with competitive properties in an
economic production process.

Twin-roll casting is an economic production process for
the generation of fine-grained feedstock materials that can
subsequently be warm rolled to thin sheets. This production
process for thin strips combines solidification and rolling
into one single production step. Thus, it saves a high number
of rolling and annealing passes in comparison to the con-
ventional rolling process. The twin roll casting technology is
already well established for example in the aluminum
industry. However, applications to magnesium alloys are in
their infancy at present [1]. Worldwide, there are a small
number of industrial or laboratory scale twin roll casters
installed at universities, companies and research facilities.
Initial results from these activities on conventional wrought
and cast alloys have shown promising sheet properties [2–6].

Conventional Mg-based sheet alloys such as AZ31, with
strong basal type textures, have been investigated in many
studies in order to evolve potential for the limited sheet
formability by restricted activities of slip systems. To
improve the formability of Mg sheet, it is required to
develop weaker textures, especially a less distinct alignment
of basal planes parallel to the sheet plane. Texture weak-
ening has been revealed in Mg alloy containing yttrium (Y),
cerium (Ce), or neodymium (Nd), i.e. rare earth (RE) ele-
ments, during rolling. It is reported that their addition in
binary Mg–RE or ternary Mg–Zn–RE alloys contribute to
higher accommodation of deformation by active basal <a>
slip [7–10]. Furthermore, several studies have shown that
texture weakening contributes to the activation of various
deformation mechanisms, e.g. the formation of different twin
types, shear bands, and the activation of <c + a> slip, which
also leads to an improvement of the formability [7, 11, 12].
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The aim of the national funded project “Mobil mit
Magnesium (M3)” which ended in 2010 was to qualify
technically and economically competitive light-weight
solutions with magnesium sheets, using advanced materi-
als, semi-finished products and design concepts, in order to
meet the requirements of the automotive industry with
respect to stress-tolerant design, availability of the
semi-finished product as well as component quality. Fur-
thermore, the focus was on the industrial feasibility of pro-
duction and assembly strategies as well as their process
stability and environmental compatibility. All this in the face
of the customer’s benefit as well as the ability of magnesium
sheets to compete in the competition to material alternatives
such as fiber-reinforced plastics, magnesium die-casting or
aluminum sheet. As part of the project, a roof element
Porsche was implemented and tested as a demonstrator
component (Fig. 1) [13].

Magnesium sheet materials with the addition of rare
earths show a randomized texture and fine-grained
microstructure [2–4]. So the addition of rare earths as
alloying elements improves the ductility of these alloys.

Experimental Procedures

The development of wrought magnesium alloys and their
introduction into industrial, structural applications are the
main goal of the activities at the Magnesium Innovation
Centre MagIC of the Helmholtz-Centre Geesthacht (HZG).
The current focus of the research work is on alloy design and
the development of processing technologies for
semi-finished magnesium products. In the particular case of
sheet materials, it has been recognized that the feedstock for
the warm-rolling process needs to be in the form of thin
bands as they are produced via twin roll casting, if thin
magnesium sheets are to become competitive industrial
products. For this purpose HZG has installed the twin roll
caster shown in Fig. 2.

The twin roll casting line consists of a furnace line
(Striko-Westofen) and a twin roll caster (Novelis, Jumbo
3CM). The twin roll caster is designed to produce thin strips
of magnesium with a maximum width of 650 mm and a
thickness in the range of 4–12 mm at a maximum rolling
speed of 6 m/min. The furnace line is configured to allow

Fig. 1 Realized roof element (result of M3—Mobil mit Magnesium) [13]

Ingot
pre-heater

Stacking
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Clamping
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Fig. 2 Twin roll casting equipment at HZG
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manual loading of raw materials in ingots and the possibility
to vary the alloy composition, i.e. cast strips can be made
from different alloys. The furnace line includes an ingot
pre-heater to remove humidity from the ingots and accelerate
fusion in the melting furnace. After pre-heating, the feed-
stock is transferred to the melting furnace. A transfer tube
conveys the molten metal to the cleaning furnace. From the
cleaning furnace the melt is transferred to the head-box
which is connected to the tip. The liquid metal flows by
gravity through the tip into the gap of the rolls of the twin
roll caster (Fig. 3).

The metal exiting the tip solidifies on the rolls into a strip
that is further deformed by the rolls. Important features of
the strip such as microstructure and texture are influenced by
the position of the solidification front and therefore the
resulting degree of deformation as a result of the rolling
pass. The solidification starts when the magnesium melt
enters the rolling gap and is in contact with the surface of the
cooled rolls, the melt temperature drops to the solidus tem-
perature at the strip surface (Fig. 3).

Ongoing along rolls surface, more heat flows from the
strip in the rolls as it fully solidifies. Then the heat is extracted
to the solid strip. If the contact time of the melt at the rolls
increases or the melt temperature decreases the solidification
starts earlier and the solidification front is located near the
exit of the tip. Its position influences the degree of defor-

mation in the strip. If the solidification front is located closer
to the exit of the tip, the degree of deformation increases
because the strip is fully solidified before entering the rolls
(Fig. 4a). If the solidification front moves towards the kissing
point of the rolls due to changes in the processing parameters,
the strip is not completely solidified and the degree of
solid-state deformation decreases (Fig. 4b).

All twin roll cast experiments were performed with the
above mentioned equipment. The trials were carried out at
melt temperatures of 650 and 710 °C. The rolling speed was
at 650 °C 1.8 m/min and at 710 °C 3.7 m/min. The setback
and the rolling gap were constant. In these initial trials, the
commercial magnesium alloy AZ31 was used and strips cast
with a width of 350 mm. After twin roll casting and rolling,
the microstructure of the material was analyzed using optical
microscopy.

Standard metallographic sample preparation techniques
were employed and an etchant based on picric acid was used
to reveal grains and grain boundaries [14]. Texture mea-
surements in the strips and sheets were performed on the
sheet mid-planes using a Panalytical X-ray diffractometer
setup and CuKa radiation. 6 pole figures were measured up
to a tilt of 70° which allows recalculation of full pole figures
using an open source software routine MTEX [8]. The
(0001) and (10–10) pole figures are used in this work to
present the texture of the strips and sheets at midplane.

Fig. 3 Principle and solidification of the metal during twin roll casting
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Results and Discussion

Figure 5 depicts the microstructures and textures of samples
taken from strips obtained from two different twin roll
casting trials [9]. All figures show the longitudinal sections
of the strips. The microstructure on the left in Fig. 5 exhibits
a columnar structure growing from the upper and bottom
surfaces of the strip towards the centre and a region con-
taining equiaxed grains at the centre. A remarkable feature is
the strong segregation band containing a large amount of
impurities at the centre-line of the strip. Such segregation is a
common effect in this type of processing. The formation of
this segregation band can only be avoided by optimisation of

the process parameters: casting speed, roll gap and melt
temperature which influence the thermal gradient. The large
number of dendritic grains in the upper and lower regions of
the strip is an indicator for a low degree of deformation
during the rolling operation. Figure 5 also shows recalcu-
lated (0001) and (10–10) pole figures of this strips. In case of
this high temperature casting at high speed basically a ran-
dom texture is revealed at midplane. The random texture
corresponds to no deformation at all, i.e. a globular cast
microstructure.

The microstructure and texture of a twin roll cast strip
with a melt temperature of 650 °C and a thickness of 5 mm
are shown on the right side of Fig. 4. This microstructure
differs significantly from the microstructures of the strip

Fig. 4 Position of the solidification front

Fig. 5 Microstructure and mid-plane texture of the alloy AZ31 after twin roll casting different process parameters [19]
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shown on the left side. It consists of smaller equiaxed grains,
which are elongated in the rolling direction in the
near-surface regions of the strip. This microstructure is
typical for deformed material.

Both, the (0001) and (10–10) pole figures presented on
the right in Fig. 5 are characterized by a weak alignment of
basal planes parallel to the strip plane. Such a weak align-
ment of basal planes corresponds with a low degree of
deformation [9]. In general, these results demonstrate that
the strip cast at 650 °C and low speed experienced more
deformation than the strip cast at 715 °C and high speed
which corresponds well with the consideration in Fig. 4.

The ongoing aim of the development is therefore to
achieve the properties of the rare earth element containing
alloys or even surpass them and at the same time to avoid the
use of these elements, or at least greatly reduce it and thus
create the basis for an economic production of high strength
and ductile magnesium materials and components.

Alloying addition of Ca into Mg-based alloys is known as
an effective method to improve the high temperature prop-
erties and the ignition-proof behaviour [15], which has
attracted attention for casting technology and its application.

Recently it has been shown that the Ca addition leads to a
texture weakening and grain refinement in Mg alloys after
wrought processes, such as rolling [16, 17], or extrusion
[18].

Kim et al. [16] showed that the Ca addition in Mg alloys
with different Zn contents (Mg–1Zn and Mg–6Zn alloys)
modify the sheet textures produced via twin roller casting.
The as-rolled sheets show the textures having a splitting of
basal poles toward the sheet rolling direction (RD) in the
sheet having lower Zn contents, while the high Zn con-
taining alloy sheet shows a basal pole split toward the sheet
transverse direction (TD). The recrystallization annealing of
the sheets leads to development of very weak texture with
the basal pole split in TD in the both sheets. These Ca

containing sheets have not only higher yield strength but
also an excellent stretch formability comparable to that of Al
5052 alloy. The authors suggested that the texture modifi-
cation in the ZX11 and ZX61 sheets are related to the twin
activities, such as double twinning and extension twinning.
Furthermore, a texture randomization effect in deformation
bands consisting of twins as well as a accentuation of grains
with TD split orientation as a result of recovery and
recrystallization has been suggested. The effect of Ca addi-
tion on the texture and microstructure of extruded Mg–Mn
alloys was studied by Stanford [18]

The global aim of an actual project at the HZG is also the
development of calcium containing, rare earth element-free
Mg sheet materials with advantageous properties, which are
currently reachable only by the use of rare earth
element-containing alloys by using innovative production
and processing methods like twin roll casting. This work is
funded by the German Federal Ministry of Education and
Research and entitled “Substitution of rare earth elements in
high strength and ductile Magnesium sheet material—
SubSEEMag”.

Various approaches are being used in this, which include
the complete process chain of the alloy development through
production of semi-finished products and components to be
integrated into the final product. The results of this project
show that in Al–Zn based alloys the addition of around 1w%
of Ca leads to significant advantages in formability and
strength of the sheets. Figure 6 displays the microstructure,
texture and mechanical properties of the in this project
developed alloy ZAX210. This new alloy ZAX210 forms a
very fine grained and homogeneous microstructure without
local deformed areas after rolling. Also can be determined
that the texture of ZAX210 is similar to Zn-based RE con-
taining alloys like ZE10. Because of this properties the
new alloy ZAX210 depict a high formability and a good
strength.

Fig. 6 Microstructure, texture and mechanical properties of ZAX210 sheets produced via twin roll casting
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Conclusion

The problems in using magnesium as sheet material could be
relieved by suitable alloy compositions in conjunction with
the appropriate manufacturing processes. In comparison to
the AZ31 sheets, the ZE10 sheets show enhanced forma-
bility at all rolling conditions. So the alloy composition and
the complexity of the rolling process both offer chances to
tune the product by modifying the process parameters (e.g.
temperature or degree of deformation). Using Calcium
containing alloys helps saving rare earth elements, and
choosing twin roll casting as a high efficient production
method helps saving energy during the production of sheet
material for improving the sustainability in vehicle produc-
tion. The prototype components produced and successfully
tested in project the national funded project “Mobil mit
Magnesium” demonstrate that a process chain from the
production of magnesium components to the use of these
components is technically and economically competitive and
qualified for automotive industry. Due to the further devel-
opment of twin roll casting technology in the last years,
magnesium sheet metal components have become more and
more attractive economically and technically, so that the first
applications for magnesium sheet metal components have
been introduced to the market.
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Development of Heat-Treatable
High-Strength Mg–Zn–Ca–Zr Sheet Alloy
with Excellent Room Temperature
Formability

M. Z. Bian, T. T. Sasaki, B. C. Suh, T. Nakata, S. Kamado, and K. Hono

Abstract
Lightweight magnesium (Mg) alloys have attracted
considerable attention for potential applications in the
automotive industries. However, the low strength or poor
formability at room temperature (RT) hinders the wider
applications of wrought Mg alloy sheets. The newly
developed a heat-treatable magnesium sheet alloy, Mg–
0.6Zn–0.3Ca–0.1Zr (at. %), shows a large Index Erichsen
value of 8.0 mm at RT in a solution treated condition.
The excellent RT formability can be ascribed to a weak
basal texture. Subsequent artificial aging at 170 °C for
4 h (T6) increases the 0.2% proof strength from 165 to
213 MPa. This improvement in strength by the T6
treatment is associated with a dense distribution of
Guinier–Preston zones lying on the basal planes of the
Mg matrix. Our finding overcomes the trade-off relation-
ship of the room temperature formability and proof
strength in Mg alloy sheets and this can be used as “bake
hardenable” magnesium sheet alloy with excellent RT
formability.

Keywords
Magnesium alloy � Formability � Strength
Guinier–preston zone

Introduction

Increasing demands of weight reduction in automobiles is
expected to lead to the gradual application of lightweight
magnesium (Mg) alloys in commercial vehicles [1, 2].
However, the vast majority of their applications are confined
to cast alloys, and the applications of wrought alloys, par-
ticularly sheet alloys are very limited due to the poor
formability or low strength at room temperature (RT) [3, 4].
Recently, we have demonstrated that the development of
heat-treatable Mg sheet alloy is a promising approach to
overcome the current issues of Mg alloy sheets [5].
Specifically, the solution treated (T4) Mg–1.1Al–0.3Ca–
0.2Mn–0.3Zn (at. %) alloy sheet shows a large Index
Erichsen (I.E.) value of 7.7 mm and its yield strength is
significantly increased from 144 to 204 MPa after a T6
treatment. Therefore, it can be easily formed in a T4 con-
dition and thereafter strengthened by the artificial aging.
Another notable feature of this alloy is the rapid
age-hardening response. It can achieve the peak hardness at
200 °C only for an hour because the main strengthening
phase is Al and Ca enriched monoatomic layer Guinier–
Preston (G.P.) zones.

Mg–Zn–Ca (ZX) based alloys have been reported to
form the Zn and Ca enriched monoatomic layer G.P. zones
[6, 7]. Moreover, dilute ZX alloy sheets were demonstrated
to show excellent RT formability due to the weak basal
texture [8, 9]. Although there is a high possibility to
develop heat-treatable high-strength ZX sheet alloys with
excellent RT formability, little attention has been paid to
develop heat-treatable sheet alloys so far [10]. This moti-
vated us to develop heat-treatable sheet alloys from the ZX
system. A small amount of Zr was added to a ZX alloy as
Zr is a commonly used grain refiner of Mg alloys [11, 12].
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Experimental Procedure

Mg–0.6Zn–0.3Ca–0.1Zr in at. % or Mg–1.6Zn–0.5Ca–0.4Zr
in wt% (ZXK210) alloy ingot was prepared from high-purity
Mg, ZK60 (Mg–5.5Zn–0.5Zr in wt%), Mg–30 wt%Ca and
Mg–34 wt% Zr master alloys by an induction melting fur-
nace in an Argon atmosphere. 10 mm thick plates were
machined from the cast ingot and subsequently thermome-
chanically treated. They were first homogenized at 300 °C
for 4 h and then slowly heated to 450 °C with a heating rate
of 7.5 °C/h, and maintained at 450 °C for 6 h, followed by
water quenching. The homogenized plates were primarily
rolled to *5 mm thick plates at 300 °C by 4 passes, with
*15% thickness reduction per pass. The 5 mm thick plates
were further fine-rolled to *1 mm thick sheets at 100 °C by
6 passes, with *23% thickness reduction per pass. In the
case of the fine rolling, the sheets were reheated at 450 °C
for 5 min prior to subsequent rolling. Tensile specimens
having the gage length of *12.5 mm and width of *5 mm
were machined from the as-rolled sheets along the rolling
direction (RD) and then solution treated at 430 °C for 1 h
(T4). Some of the T4 treated tensile samples were subjected
to a T6 (aged in an oil bath at 170 °C for 4 h) treatment.

Tensile tests were conducted at RT using a screw driven
Instron 5567 tensile testing machine at an initial strain rate of
1.0 � 10−3 s−1. To evaluate the stretch formability of the T4
treated sheet, Erichsen cupping tests were carried out on
rectangular specimens using a hemispherical punch with a
diameter of 20 mm at room temperature (RT). Punch speed
and blank-holder force were *6 mm/min and *10 kN,
respectively. At least three samples were tested to ensure
repeatability of tensile and Erichsen cupping test results. The
age hardening response was measured by the Vickers
hardness tests under a load of 300 g. Microstructures and

textures were characterized using FEI Helios Nanolab 650
equipped with Bruker electron backscatter diffraction
(EBSD) detector and FEI Titan G2 80–200 transmission
electron microscopes (TEM) operating at 200 kV.

Results and Discussion

Figure 1a shows the age-hardening response of the ZXK210
alloy sheet during isothermal aging at 170 °C. The T4
treated sheet has a hardness value of 54.2 ± 0.6 HV, which
exhibits a rapid age-hardening to a peak hardness of
65.8 ± 1.0 HV only for 4 h. Figure 1b shows the tensile
stress-strain curves obtained from the samples in T4 and T6
conditions stretched along the RD. The T4 heat treated
sample exhibits a moderate 0.2% proof strength (hereafter
proof strength) of 165 MPa with a large elongation of 30%.
Subsequent artificial aging at 170 °C for 4 h (T6) increases
the 0.2% proof strength from 165 to 213 MPa while main-
taining good elongation of 30%. The tensile properties of the
T4 and T6 treated alloy sheets are provided in Table 1. The
T4 treated sample after the Erichsen cupping test is also
shown in Fig. 1b. It can be seen that this sample exhibits a
large Index Erichsen (I.E.) value of 8.0 mm.

To understand the reasons for the excellent formability of
the ZXK210 alloy sheet, the evolution of microstructure and
texture during stretch forming was investigated. Figure 2a
shows the EBSD inverse pole figure (IPF) map and texture
of the T4 treated sample. The T4 treated sample has an
average grain size of about 8.7 µm with a weak basal texture
intensity of 3.1 mrd. Figures 2b and c show the IPF maps
and textures of the samples stretch formed to the dome
heights of 3 and 8.0 mm (fracture dome height), respec-
tively. As compared to the IPF map and the (0002) pole

Fig. 1 a Age hardening response of ZXK210 alloy sheet at 170 °C, and b tensile curves of T4 and T6 treated sheets stretched along the RD
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figure of the un-stretched sample, there are essentially no
significant changes in grain orientation with the progress of
stretch forming. The only noticeable difference is that the
angular distribution of basal poles gets gradually narrower
toward ND. Additionally, the basal texture intensity of the
top half region is found to be stronger than that of the bottom
half region, but virtually no difference in the distribution of
basal poles. Figure 2d shows the variation of the misorien-
tation angle distribution with progression of stretch forming.
It can be seen that the fraction of misorientation angles lower
than 10° increases substantially with the progression of
stretch forming. In contrast, the fraction of misorientation
angles near 86° gradually decreases. In general, the forma-
tion of misorientation angles near 86° is intimately related to
{1012} tensile twins to a large extent during deformation
[13, 14]. Therefore, it is concluded that the {1012} tensile
twin does not play an important role in accommodating the
plastic strain during stretch forming. The misorientation

angles near 30° developed after the T4 treatment almost
remain unchanged with the progress of the stretch forming.
The formation of misorientation angle of 30° is reported to
be intimately related to the preferential growth
of <1120> recrystallized grains [15, 16].

The microstructure of the T6 treated sample was exam-
ined by TEM to understand the reasons for the improved
proof strength. Figure 3 shows the high-angle annular
dark-field scanning transmission electron microscopy
(HAADF-STEM) image taken with the incident beam along
the [2110]a zone axis of the T6 treated sample. The
microstructure is found to contain a dense distribution of
nanoscale plate-like precipitates on the basal plane of the Mg
matrix. Closer inspection from the atomic-scale
HAADF-STEM image reveals that these nanoscale
plate-like precipitates have a monolayer structure (marked
with an arrow). According to Oh-Ishi et al. the precipitates
having such features are monoatomic layer G.P. zones

Table 1 Room temperature
tensile properties of T4 and T6
treated ZXK210 alloy sheet

Condition 0.2% proof strength (MPa) UTS (MPa) Elongation (%) I.E. (mm)

T4 165 ± 2 245 ± 1 30 ± 1 8.0 ± 0.2

T6 213 ± 2 270 ± 2 30 ± 0 –

Fig. 2 The EBSD inverse pole
figure (IPF) maps and textures
showing microstructures and
textures of a un-stretched (T4
treated), b 3 mm stretch
deformed, c 8 mm stretch
defomred (fractured) ZXK210
samples, and d evolution of the
distribution for misorientation
angles with progression of stretch
forming
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enriched with Ca and Zn atoms [17]. Thus, the strength
increase by the T6 treatment can be ascribed to the dense
distribution of these monoatomic layer G.P. zones (Fig. 3).

Summary

A heat-treatable Mg–Zn–Ca–Zr sheet alloy with good room
temperature formability has been developed. The Mg–
0.6Zn–0.3Ca–0.1Zr (at. %) exhibits a large Index Erichsen
value of 8 mm in a T4 condition, which is associated with
the weak basal texture. Moreover, the ZXK210 sheet alloy
has a considerable age hardening response and its 0.2%
proof strength is significantly enhanced from 165 to
213 MPa by artificial aging at 170 °C for only 4 h. TEM
observations reveal that the monoatomic layer G.P. zones on
the basal planes are responsible for the age-hardening and
strength improvement. This study demonstrates that the
dilute ZX system is a promising candidate for bake hard-
enable high-strength magnesium sheet alloys with excellent
room temperature formability.
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Interaction Between Propagating Twins
and Non-shearable Precipitates
in Magnesium Alloys

Matthew R. Barnett and Huan Wang

Abstract
The impact of non-shearable particles on the stress
required to propagate a twin is examined using numerical
and analytical techniques. Of particular note is the nature
of this effect in magnesium alloys where twinning can
count for a significant fraction of the plastic strain.
Dislocation Dynamics simulations are employed to
calculate the Orowan bypass stress. It is seen that the
stress for bypass can exceed that for a single twinning
dislocation but under some circumstances it may be
similar. The conditions that give rise to different regimes
of behaviour are mentioned and the significance for
magnesium alloy design is described.

Keywords
Twinning � Magnesium � Dislocations

Body

It is possible to consider a propagating twin as an expanding
super dislocation loop [1]. The approximation is employed
here to make some points about the propagation of {10–12}
twins through an array of non-shearable particles.

In last year’s (2017) Magnesium Technology proceedings
[2], we estimated the stress required to bow a super dislo-
cation approximating the twinning front between
non-shearable obstacles with spacing k. We represented the
twin by a super dislocation with Burgers vector nb. The
‘height’ of each dislocation is h, where the twinning shear is
s = b/h, and so the effective twin thickness, t, is nb/s. We set
n = 100 based on calculations of the number of dislocations
needed in the twin front for the Peach-Koheler force to meet

the opposing back force arising from the twin surface
energy. For an obstacle spacing of 100 nm, the by-pass
stress was estimated to be 270 MPa. It was pointed out that
this value is significantly higher than observed hardening
levels, which are 30–40 MPa for particle spacings in the
range 80–150 nm [3, 4]. The discrepancy was explained in
terms of relaxation effects.

Here, we show that there are other important factors to be
considered. These include the need to properly account for
(i) the effective size of the core of the super dislocation and
(ii) the number of dislocations that partake in the bypass
event.

Previously, we employed Equations 6.51 in [5] for the
elastic line energy of a dislocation loop. To obtain a solution
more relevant to the bowing of a dislocation between
obstacles, we employ here instead the expression suggested
by Bacon et al. [6], which allows the by-pass stress for a
super screw dislocation to be given as:

s ¼ Gnb

2p 1� mð Þk ln 2
k�1 þ d�1
� ��1

r

 !

ð1Þ

where d is the diameter of the (spherical) obstacles and r is
the inner cut-off radius.

To assess this solution, Dislocation Dynamics simulations
were performed using the DDlab code developed by Cai
et al. [7]. We examine a pile-up of dislocations against a line
of obstacles as shown in Fig. 1. Screw dislocations are
considered, the simulation is isotropic and the core energy
(within radius b) is set to zero. The obstacles are pinned
single dislocation loops. A back stress is applied to the
leading dislocation to mimic the force from the twin surface
energy. A twin surface energy of 0.12 J/m2 is employed [8].
There are two twin surfaces so that ‘back’ force is 0.24 N/m.
For |b| = 0.3 nm, this translates to a back stress of 800 MPa.
We insert this directly into the simulations. Equilibrium
configurations were calculated using |b| = 0.3 nm,
G = 17,000 MPa, m = 0.33 and n = 3 and 16 for k = 140 nm
and d = 10 nm. The Burgers vector of the {10–12}
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twinning dislocations in magnesium is 0.049 nm so each of
the present simulated dislocations represents approximately
6 twinning dislocations. The corresponding by-pass shear
stresses are found to be 75 and 37 MPa for these two cases,
respectively.

Equation 1 gives a breakthrough stress of 79 MPa for
n = 3, using the parameters given above, if the inner cut-off
radius is set to nb. This value agrees reasonably well with the
simulated value (75 MPa). We thus propose that a single
super dislocation model is a reasonable approximation for
small n and that nb is an appropriate choice for the effective
core radius of a super dislocation in the limit of zero core
energies for the individual dislocations that make up the
super dislocation.

If we set n = 16 (which is equivalent to 98 twinning
dislocations) we see that Eq. 1 predicts a by-pass stress of
189 MPa. This considerably over-estimates the simulated
value (37 MPa), in keeping with the opening point of the
paper; i.e. that the super dislocation model provides an
over-prediction of the by-pass stresses for n *100 twinning
dislocations.

Interestingly, the stress increment required for bypass in
the simulation for 98 twinning dislocations is within the
range of stress increments seen in experiment (i.e. 30–
40 MPa for k = 80–150 nm). This suggests that the relax-
ation stresses invoked previously to explain the low hard-
ening increments seen in experiment may not be as
important as we thought. Such relaxation is mediated by slip

events and this was not something incorporated in the
present simulations.

Inspection of Fig. 1 reveals that not all of the dislocations
present in the twin will participate in the initial by-pass
event. Dislocations in the rear of the pile-up serve to push
the leading dislocations between the obstacles. The problem
is probably better approximated by two super dislocations
rather than one. The leading super dislocation contains the
dislocations participating in the by-pass event and the trail-
ing dislocations provide the additional stress needed for the
by-pass.

According to Eq. 1, the stress required for a single dis-
location to bow through the gap between obstacles 140 nm
apart (|b| = 0.3 nm and d = 10 nm) is 36 MPa. Thus it is
seen that the pile-up model of a twin predicts that the twin
may in principal propagate through an array of obstacles at
stresses similar to that required for a single twinning dislo-
cation to do so. Indeed, the more twinning dislocations
present during propagation, the lower the by-pass stress is
likely to be.

This leads to an interesting observation: hardening
mechanisms that force twins to propagate at higher thick-
nesses—and thus with higher numbers of co-operatively
moving twinning dislocations—will find it easier to propa-
gate through an array of non-shearable obstacles. To
increase the effectiveness of an array of non-shearable par-
ticles in providing strengthening against twin propagation,
one should seek to encourage twins to propagate as thinner
rather than thicker lamellae. How to achieve this in a prac-
tical sense is not entirely clear but the higher the stress the
twin propagates at, the thinner the twin is likely to be during
the propagation step. Multiple hardening mechanisms are
thus to be favoured.

However, we need to recall that the present model is in
two dimensions. It therefore only holds for thin large
diameter twins. When the twin is thicker, as pointed out by
Gharghouri et al. [9], the interaction with precipitates
changes. This is an aspect of our ongoing investigation.

In conclusion, the super dislocation model of twinning
sheds interesting light on the propagation of a twin through
non-shearable obstacles. Particularly it is found that:

– The bowing between obstacles of a twin tip comprising a
few dislocations can be approximated by a single
super-dislocation model.

– The effective core employed for the super dislocation
model can be approximated by nb.

– For higher numbers of dislocations in the twin, propa-
gation occurs at lower levels of stress because the dis-
locations at the twin tip are forced along by those further
behind.

Fig. 1 Equilibrium positions of dislocations a prior to by-pass for
a n = 3 and b n = 16
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– Simulations reveal stress increments of similar order to
those seen in experiment.

– The model predicts that encouraging twins to propagate
as thin lamellae will favour hardening.
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Effects of Severe Plastic Deformation
on Mechanical Properties and Corrosion
Behavior of Magnesium Alloys

Ahmad Bahmani and Kwang Seon Shin

Abstract
Magnesium alloys were produced with extrusion, screw
rolling (SR) and multi-directional forging (MDF) pro-
cesses. Various temperatures were used for SR and MDF.
The tensile test was carried out to measure the mechanical
properties and immersion test in 3.5 wt% NaCl saturated
with Mg(OH)2 was run to measure the corrosion rate. It
was found that the grain size increased gradually with
increasing the MDF or SR temperature. The increase in
the MDF or SR temperature resulted in decrease in yield
strength due to increase in grain size. However, the
corrosion rate decreased after MDF and SR. Furthermore,
the increase in MDF or SR temperature resulted in more
reduction in the corrosion rate due to reduction of
galvanic cells by dissolution of the intermetallic phases
into the matrix.

Keywords
Magnesium alloy � Multi-directional forging
Screw rolling � Corrosion rate � Yield strength

Introduction

Mg alloys are attractive structural materials for light-weight
vehicles and electronic devices due to their high
strength-to-weight ratio. Fuel efficiency can be improved by
the application of Mg alloys to automobiles through weight
reduction. Mg alloys are also identified as promising mate-
rials for biodegradable implants in the human body. How-
ever, the poor corrosion resistance of existing Mg alloys
limits their applications. Severe plastic deformation (SPD) is

one of the techniques to refine the microstructure of Mg
alloys through ultra-fine grains (UFG) by applying force in
different directions. Several SPD techniques such as equal
channel angular pressing/extrusion (ECAP/ECAE) [1–3],
accumulative roll bonding (ARB) [2], accumulative back
extrusion (ABE) [4], three roll planetary milling or screw
rolling (SR) [5] and multi directional forging (MDF) [6]
have been studied. The majority of the researchers studied
the effects of the process parameters such as the strain rate,
number of passes and processing temperature to improve the
mechanical properties of alloys, but studies on the corrosion
behavior have been limited.

Multi-directional forging is reported to effectively control
the properties of alloys by controlling the microstructure
parameters. The highest yield strength in AZ alloys was
achieved by MDF of AZ80 combined with aging treatment
[6].

Despite several studies on improving the mechanical
properties of Mg alloys by MDF and a few studies on
enhancing the mechanical properties by SR, the effects of
MDF and SR on corrosion behavior have not yet been
extensively explored. Therefore, in this work, MDF and SR
processes at different temperatures have been utilized to
manufacture alloys with enhanced mechanical properties and
improved corrosion resistance. It was found that SPD can
not only increase the mechanical properties but also signif-
icantly improve corrosion resistance. Detailed studies on the
microstructure and corrosion behavior were carried out.

Methods

The ZAXM4211 magnesium alloy was prepared in an
electric furnace. The cast alloy was homogenized at 340 °C
for 12 h and then quenched in water. Cylindrical samples
were machined from the homogenized billets for extrusion.
Indirect extrusion was carried out at an extrusion ratio of
10:1 and a ram speed of 5 mm/s. The final cross-sectional
area was 22 � 22 mm for MDF and the diameter was
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25 mm for SR. In the case of MDF, rectangular cubes were
cut from the extruded alloy and subjected to MDF. The alloy
was placed in the furnace during MDF to maintain desired
temperatures of 180, 220, 260 and 300 °C and the samples
were denoted as MDF180, MDF220, MDF260 and
MDF300, respectively. In the case of SR, the samples were
preheated at a desired temperature and then inserted into the
screw rolling machine to reduce the diameter in several
passes. The samples were denoted as SR180, SR220,
SR260, SR300 and SR340 according to the preheating
temperature.

Results

The relationship between yield strength and grain size for
MDF and SR samples processed at different temperatures
has been presented in Fig. 1. It can be seen that the increase
in the process temperature resulted in decreasing yield
strength values which is attributed to the grain size increase
at high temperature processing. Grain boundaries and
intermetallic compounds impede dislocation motion. Since
the samples processed at low temperatures have smaller
grain sizes, they showed higher tensile yield strength.

Fig. 1 The relationship between yield strength and grain size: a MDF and b SR

Fig. 2 The relationship between corrosion rate and processing temperature: a MDF and b SR
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A Hall-Petch equation can be written using the obtained
experimental data as:

ryðMDFÞ ¼ 201:5þ 83:3GS�0:5 ð1Þ

ryðSRÞ ¼ 227:8þ 128:7GS�0:5 ð2Þ

where ry is the yield strength and GS is the grain size.
The immersion test in 3.5 wt% NaCl solution saturated

with Mg(OH)2 was carried out for seven days, and the
corrosion rate was obtained using the hydrogen evolution
technique. Figure 2 shows the relationship between the
corrosion rate obtained by the hydrogen evolution technique
and the processing conditions. The corrosion rates of MDF
and SR samples are significantly less than that of the
extruded alloy. Among the SPD samples, those produced at
300 °C show the lowest corrosion rate.

Conclusions

The mechanical properties and corrosion behavior of the
ZAXM4211 alloy produced by extrusion, MDF and SR were
studied. The following conclusions were made:

1. The grain size increased gradually by increasing the
MDF or SR temperature and the intermetallic phase
fraction decreased due to their dissolution into the matrix.

2. It can be seen that the increase in the MDF or SR tem-
perature results in decreasing yield strength which is
attributed to the grain size increase at high temperature
processing.

3. The corrosion rate decreased after MDF and SR. Fur-
thermore, the increase in MDF temperature resulted in

more reduction in the corrosion rate. This behavior is
attributed to the reduction of galvanic cells by dissolution
of the intermetallic phases into the matrix.
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Alloy Design for the Development of Heat
Treatable High Strength Mg Sheet Alloy
with Excellent Room Temperature
Formability

B.-C. Suh, M.-Z. Bian, T. Nakata, T. T. Sasaki, S. Kamado, and K. Hono

Abstract
To widen the application of the magnesium sheet alloys,
good room temperature (RT) formability and satisfactory
strength need to be achieved. The development of heat
treatable alloy can be an effective approach to simulta-
neously achieve the good RT formability and satisfactory
strength. In this work, we have investigated the effects of
Zn content on the microstructure, stretch formability and
mechanical properties in the Mg–xZn–0.36Zr–0.32Ca
(x = 3, 4, 5 wt%) sheet alloys. The as-rolled samples
showed strong basal textures regardless of the Zn content.
However, the decrease in the Zn content resulted in the
significant texture weakening in the solution treated
samples, and this leads to the improvement of the stretch
formability up to 7.3 mm in Index Erichsen value in the
Mg–3.1Zn–0.36Zr–0.32Ca alloy. Subsequent artificial
aging at 160 °C for 16 h slightly increased the tensile
yield strength of Mg–4Zn–0.36Zr–0.32Ca alloy sheet
from 176 to 194 MPa. This work has demonstrated that
the Mg–Zn system is promising to achieve excellent RT
formability and high strength, however, the slow age
hardening kinetics needs to be improved to make it
industrially viable.

Keywords
Mg–Zn–Zr–Ca alloy � Formability � Strength
Zn content

Introduction

To meet increasing demands for the development of light-
weight magnesium (Mg) sheet alloys applicable as structural
components of transportation vehicles such as trains and
automobiles [1, 2], Mg sheet alloys with excellent RT
formability have been developed recently by the optimiza-
tion of the thermomechanical processing conditions and
trace addition of alloying elements [3–8]. However, many of
the Mg sheet alloys suffer from achieving excellent RT
formability and satisfactory strength simultaneously [3–10].
This is because the excellent RT formability and yield
strength are inversely correlated [2]. Development of heat
treatable sheet alloys may be a promising approach to
resolve this issue since excellent RT formability is antici-
pated after solution treatment and the strength can be
increased by subsequent artificial aging.

Mg–Zn–Zr alloy microalloyed with Ca is one of the
feasible candidates as a heat treatable Mg alloy as demon-
strated by a Mg–6.2Zn–0.5Zr–0.2Ca alloy (wt%) [11]. This
particular alloy exhibits high yield strength of 286 MPa after
a the artificial aging; however, its Index Erichsen value, an
indicator of the stretch formability, is only about 5.2 mm
due to a strong basal texture. This means that there is still a
room for the improvement in the stretch formability by
weakening the strong basal texture. According to previous
studies, reducing this Zn content is a plausible way to
weaken the sheet texture of the Mg–Zn–Zr–Ca alloys [3, 7,
12–16]. This motivated us to develop heat-treatable and RT
formable Mg–Zn–Zr–Ca sheet alloys with lower Zn con-
tents. Another issue of Mg sheet alloys is the high pro-
cessing cost. In order to achieve the good stretch formability
and suppress the crack formation during the hot-rolling
process of existing Mg sheet alloys, high temperature
reheating prior to subsequent rolling is necessary. Unfortu-
nately, this results in a low production efficiency and ulti-
mately high price of sheet products [6].
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To overcome this engineering issue, we continuously
rolled the Mg–xZn–0.36Zr–0.32Ca (x = 3, 4, 5 wt%)
sheet alloys at 200 °C without high temperature reheating
and investigated their microstructures and mechanical
properties.

Experimental Procedure

Alloy ingots with 4.2 kg in weight were prepared by an
induction melting using steel crucible under an Ar atmo-
sphere and casting into an iron molds. A high-purity Mg,
Mg–5.5 wt%Zn–0.5 wt%Zr (ZK60) and Mg-30 wt%Ca
master alloys. The pure Mg and ZK60 ingots were heated to
800 °C. Then, the Mg–Ca master alloy was alloyed sample
was added into the melt and kept for 0.5 h followed by
casting into iron molds. Table 1 summarizes the chemical
compositions of the prepared ingots measured by inductively
coupled plasma atomic (ICP) emission spectroscopy.

The cast ingots were cut into plates with 10 mm in
thickness and the plates were subjected to two-step
homogenization to avoid the partial melting in the early
stage of the homogenization; the sample was homogenized
at 350 °C for 24 h and 450 °C for 24 h in an Ar atmosphere
followed by air cooling. During the homogenization, the
temperature increased from 350 to 450 °C at a heating rate
of 5 °C/h. The homogenized samples were then hot-rolled at
200 °C to obtain final sheet samples with 1 mm in thickness.
The samples were solution treated in an electric furnace at
450 °C for 2 h. Some solution treated ZKX400 tensile
samples were aged in an oil bath to achieve the peak hard-
ness condition (T6).

Microstructure characterization was performed by optical
microscope and X-ray diffraction (XRD). Mechanical
properties were evaluated by tensile tests and Erichsen
cupping tests at RT. Grain sizes of the samples were mea-
sured by liner interception method. Tensile tests were con-
ducted using specimens with a gauge length, width, and
thickness of 12.5, 5 and 1 mm at a strain rate of
1 � 10−3 s−1. The tensile loading axis was parallel to the
rolling direction (RD). Erichsen cupping test were done
using the square shape specimen with over 70 � 70 mm2.
The punch diameter and speed were 20 mm and 0.1 mm/s,
respectively.

Results and Discussion

Figure 1 shows engineering stress-strain curves of the
solution treated ZKX300, ZKX400 and ZKX500 alloys, and
Table 2 summarizes the mechanical properties obtained
from the tensile tests and Index Erichsen values for each
composition. ZKX300 alloy shows yield strength, rys, ulti-
mate tensile strength, rUTS, and elongation to fracture, e, of
148 ± 3.0 MPa, 262 ± 2.2 MPa and 26 ± 4.3%, respec-
tively. The increase in the Zn content to 4 wt% resulted in
the significant increase in the rys and rUTS to 173 ± 4.5 and
243 ± 1.0 MPa at the expense of elongation. The further
addition of Zn to 5 wt% slightly decreased the rys and rUTS
to 133 ± 2.5 and 243 ± 0.95 MPa. The Index Erichsen
value decreases from 7.3 ± 0.79 mm to 5.2 ± 1.1 mm with
increasing the Zn content from 3 to 5 wt%.

Figure 2 shows the optical micrographs and (0002) pole
figures of the as-rolled and solution treated ZKX300,
ZKX400 and ZKX500 alloys. The (0002) pole figures
obtained from the as-rolled samples show that these samples
have a typical strong basal textures with similar maximum
intensity in the range of 10.8–13.4 m.r.d. The optical
micrographs obtained from these samples show that these
samples mainly consist of the deformed grains. The solution
treatment leads to the formation of the fully recrystallized
microstructure, and the microstructure consists of fully static
recrystallized grains, and the average grain sizes are 10.1, 7.7
and 13.4 lm for the ZKX300, ZKX400 and ZKX500 alloys,
respectively. These samples have a bimodal grain structure,
and this feature is more significant in the ZKX500 alloy
consisting of coarse grains with >50 lm and fine grains
with <5 lm in diameter. On the other hand, significant tex-
ture weakening can be found in all alloys by the solution
treatment. Additionally, the texture intensity of (0002) pole
figures is significantly decreased to 3.0, 4.8 and 7.3 m.r.d. for
the ZKX300, ZKX400 and ZKX500 alloys, which means
that the maximum intensity of the basal poles decreases with
decreasing the Zn content. Another interesting finding from
the present study is that the basal poles tilt towards the
transverse direction (TD) of the rolled sheet is more signifi-
cant with decreasing the Zn content.

Since the ZKX400 alloy showed relatively high strength
and good stretch formability in the solution treated condi-
tion, we measured the variation in the Vickers hardness

Table 1 Chemical compositions
of the ingots used in this work

(wt.%)

Sample Zn Zr Ca Mg

ZKX300 3.1 0.36 0.32 Bal.

ZKX400 3.9 0.36 0.32 Bal.

ZKX500 5.2 0.36 0.32 Bal.
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during the artificial aging at 160 °C, and evaluated the
mechanical properties. As shown in the variation in Vickers
hardness as a function of aging time, Fig. 3a, the sample
shows slight age hardening. The Vickers hardness is
59.0 ± 1.3 VHN in the solution treated condition and
increase slightly up to 61.7 ± 1.1 VHN by aging at 160 °C
for 16 h. Figure 3b shows the engineering stress-strain
curves of the solution treated and peak aged samples, and
Table 3 summarizes the tensile properties. The T6 treatment
resulted in the slight increase in the strength. Specifically,
the rys and rUTS increased from 173 ± 4.5 to
192 ± 1.7 MPa and 243 ± 1.0 to 267 ± 2.0 MPa at the
expense of the elongation.

In this work, we have investigated the effect of Zn content
on the microstructure and mechanical properties in Mg–
xZn–0.36Zr–0.32Ca (x = 3, 4, 5 wt%) alloys, and demon-
strated that the decrease in the Zn content is an effective
approach to improve the stretch formability. As shown in
Fig. 2, the solution treatment resulted in the texture weak-
ening, and the texture weakening effect is more significant
with decreasing the Zn content. The maximum texture
intensity decreases from 10.8 to 13.4 m.r.d. with decreasing
the Zn content from 5 to 3 wt%, and the decrease in the Zn
content also resulted in the alignment of the (0002) poles
towards the TD. The improvement of the stretch formability
due to the decrease in the Zn content can be explained by
this weakened texture feature. The artificial aging could
increase the strength of the ZKX400 alloy, Fig. 3 and
Table 3; rys, and ultimate tensile strength, rUTS, increased
from 176 to 194 MPa and 265 to 271 MPa due to the dis-
persion of the b1 ′ phase [17].

Figure 4 summarizes the relationship between yield
strengths and Index Erichsen values in various Mg sheet al-
loys [2]. The yield strengths tend to decrease with increasing
the Index Erichsen values. The ZKX400 alloy show slightly
better stretch formability compared to the sheet alloys with
similar strengths in the solution treated condition. The arti-
ficial aging can give rise the strength and leads to the good
balance of the strength and stretch formability compared to
the existing sheet alloys. In order to achieve good room

Fig. 1 Stress-strain curves of the solution treated ZKX300, ZKX400
and ZKX500 alloys stretched along the RD

Table 2 Summary of
mechanical properties and index
Erichsen values of solution
treated Mg–0.36Zr–0.32Ca alloys
with different Zn content

Sample Yield strength,
(rys, MPa)

Ultimate tensile strength,
(rUTS, MPa)

Elongation,
(%)

Index Erichsen
value, (mm)

ZKX300 148 ± 3.0 262 ± 2.2 26 ± 4.3 7.3 ± 0.79

ZKX400 173 ± 4.5 243 ± 1.0 24 ± 1.5 7.0 ± 0.44

ZKX500 133 ± 2.5 243 ± 0.95 28 ± 3.7 5.2 ± 1.1

Fig. 2 Optical micrographs and
(0002) pole figures of as-rolled
and solution treated ZKX300,
ZKX400 and ZKX500 alloy
sheets
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temperature stretch formability with the Index Erichsen
values over 8 mm in the Mg–Al based alloys, high tem-
perature rolling or specimen reheating between the rolling
was needed. This causes the increase in the processing cost
and may hinder the application. Unlike these samples, the
good RT formability could be obtained in the ZKX400 alloy
that was continuously rolled sample at relatively low tem-
perature of 200 °C, which makes more attractive as struc-
tural applications. To make the heat treatable Mg–Zn based
alloy truly industrially viable heat treatable alloy, future
work will shed light on to decrease the aging time.

Summary

We have developed a ZKX400 alloy, which shows relatively
good stretch formability with Index Erichsen value of
7.0 ± 0.44 mm in the solution treated condition and higher
yield strength of 192 ± 1.7 MPa in the peak aged condition
compared to the existing samples. The excellent room tem-
perature formability is attributed to the weakened textured
feature, and the dispersion of the precipitates is believed to
give rise to the strength. As demonstrated in this work, the
precipitation hardenable alloy is promising to achieve
excellent room temperature formability and high strength,
however, the slow kinetics needs to be improved to make it
industrially viable.
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Co-precipitation on the Basal and Prismatic
Planes in Mg–Gd–Ag–Zr Alloy Subjected
to Over-Ageing

Jiehua Li, Fredrik S. Hage, Ali Gholinia, Pan Xie, Yu Zhang, Yujuan Wu,
Liming Peng, Sarah J. Haigh, Quentin M. Ramasse,
and Peter Schumacher

Abstract
Precipitation hardening is one of the dominant strength-
ening mechanisms for Mg alloys, especially for Mg alloys
containing rare earth elements. However, precipitation
hardening of conventional Mg alloys (such as AZ91D,
ZK60 or even WE54/43) is relatively weaker than in high
performance Al alloys [such as Al–Cu–Mg based alloys
(2024) and Al–Zn–Mg–Cu based alloys (7075, 7050)].
Further avenues for improving precipitation hardening of
Mg alloy are therefore being actively explored. In this
paper, co-precipitation on the basal and prismatic planes
of the a-Mg matrix in a Mg–2.4Gd–0.4Ag–0.1Zr alloy
after over-ageing at 200 °C for 2048 h was investigated
using high-angle annular dark field (HAADF) scanning
transmission electron microscopy (STEM) imaging and
electron energy loss spectroscopy (EELS). Ag was
observed within precipitates on the basal plane, while
Gd was observed within precipitates on both the basal and
prismatic planes. Furthermore, Ag, Gd-rich clusters were
also observed in the vicinity of these precipitates, which
were proposed to form during solution treatment and to
coarsen during subsequent ageing treatment.

Keywords
Mg alloy � Precipitation � Precipitation hardening
HAADF-STEM � EELS

Introduction

Precipitation hardening is one of the dominant strengthening
mechanisms for Mg alloys, especially for Mg alloys con-
taining rare earth elements (RE) [1]. It is generally accepted
that precipitation hardening is mainly dependent on the
number density, size, distribution, shape (morphology) and
volume fraction of precipitates. In order to improve the
performance of Mg alloys, it is desirable to form precipitates
with a high number density, a small size, a uniform network
(i.e. perpendicular to each other) distribution, a plate-shaped
morphology and a high volume fraction. However, precipi-
tation hardening of conventional Mg alloys (such as
AZ91D, ZK60 or even WE54/43) is relatively weaker than
in high performance Al alloys [such as Al–Cu–Mg based
alloys (2024) and Al–Zn–Mg–Cu based alloys (7075,
7050)]. Further avenues for improving precipitation hard-
ening of Mg alloy are therefore being actively explored.

In order to further improve precipitation hardening of Mg
alloys, it is desirable to not only increase the number density
and thereby the volume fraction of precipitates but also to
decrease the size and the tendency for coarsening of the
precipitates. To this effect, special Mg binary alloy systems
(e.g. the Mg–Gd binary alloy system) are used. Gd has a
significant difference of solute solubility in Mg at different
temperatures and thereby the Mg–Gd binary alloy system
has a strong potential to achieve precipitation hardening.
Indeed, the Mg–Gd binary alloy system has been reported to
have a remarkable precipitation hardening due to the for-
mation of b-type precipitates (i.e. b″ Mg3Gd, b′ Mg7Gd, b1
Mg3Gd and b Mg5Gd) on the prismatic plane [1]. Further-
more, some alloying elements (i.e. Zn [2, 3], Ag [4, 5], Zn
and Ag together [6]) are also often added into the Mg–Gd
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alloy. It has thus been reported that the addition of Zn or Ag
into Mg–Gd alloy causes the formation of precipitates on the
basal plane and thereby enhances the precipitation hardening
[2–5]. This is also the case for combined addition of Zn and
Ag into the Mg–Gd alloy [6]. It should be noted here that the
formation of precipitates on the basal plane is believed to be
beneficial to for improve improving the alloy performance. It
is generally accepted, however, that precipitation in Mg
alloys such as the aforementioned Mg–Gd binary alloy very
often occurs on the prismatic plane, which can significantly
hamper the basal slip [i.e. <11–20> (0002)]. Such precipi-
tates on the prismatic plane have no significant strengthening
effect on other slip systems (i.e. <11–2> {11–22}), which
can be activated at elevated temperatures. It is, therefore, of
great necessity to form precipitates on the basal plane which
can significantly hamper the slip at elevated temperatures. In
previous research work [5], the role of Ag on the formation
of precipitates on the basal plane in Mg–Gd–Ag–Zr alloy
during the early stage of ageing (up to 2 h) has been
investigated using atom probe tomography (APT). Ag-rich
clusters were detected immediately after solution treatment
and water quenching. The presence of Ag-rich clusters has
also been proposed to be involved in the formation of a high
density of basal precipitates during the early stage of ageing
at 200 °C. Furthermore, APT also confirmed that these basal
precipitates were enriched with Ag and Gd. However, it
should be pointed out that this confirmation is not straight-
forward due to the fact that it is challenging to determine
unambiguously the orientation relationship between precip-
itates and the a-Mg matrix using APT, despite the tech-
nique’s very high sensitivity for chemistry analysis. More
importantly, to date, there lacks a detailed investigation on
the distribution of Ag and Gd within precipitates in Mg–Gd–
Ag–Zr alloy after over-ageing, which would be of great
importance to elucidate the role of Ag and Gd during the
precipitation and thereby to improve the thermal stability of
precipitates. Transmission electron microscopy (TEM) is
particularly well-suited to the determination of orientation
relationships between precipitates and a host matrix. Here,
we therefore apply TEM and associated spectroscopy tech-
niques to elucidate the trace Ag distribution after
over-ageing.

In this paper, the co-precipitation on the basal and pris-
matic planes in Mg–2.4Gd–0.4Ag–0.1Zr alloy after
over-ageing at 200 °C for 2048 h was investigated using
high-angle annular dark field (HAADF) scanning transmis-
sion electron microscopy (STEM) imaging and electron
energy loss spectroscopy (EELS), with a special focus on the
distribution of Ag and Gd within the precipitates on the basal
and prismatic planes.

Experimental

The Mg–2.4Gd–0.4Ag–0.1Zr alloy (at.%) was prepared
from pure Mg (99.9%), Ag (99.9%), Mg–30Gd (wt%) and
Mg–30Zr (wt%) in an electric resistance furnace under the
protection of a mixed gas (CO2 and SF6) and then cast into a
die mould. The casting temperature was about 760 °C.
Solution treatment was performed at 500 °C for 6 h, fol-
lowed by quenching into cold water. Ageing treatment was
performed at 200 °C for up to 2048 h. In this paper, the
over-aged sample at 200 °C for 2048 h was chosen for
detailed TEM investigation as an extreme case of over-aged
alloy.

Thin foil samples for TEM were prepared using a
Focused Ion Beam (FIB) instrument. Prior to FIB thinning,
electron backscattering diffraction (EBSD) was performed
on the bulk sample to select a region with a suitable orien-
tation. HAADF STEM imaging and EELS were performed
using a Nion UltraSTEM100 aberration corrected dedicated
STEM. The microscope was operated at an acceleration
voltage of 100 kV and an electron probe convergence
semi-angle of 31 mrad, which resulted in an estimated
minimum electron probe size of 0.1 nm. The cold field
emission gun of the microscope has a native energy spread
of 0.35 eV. The HAADF detector collection semi-angle was
83–185 mrad and the spectrometer collection semi-angle
was 36 mrad. EELS elemental maps were then created by
integrating the EELS signal of each edge above their nom-
inal edge onset energy: Gd M4,5 (1185 eV), Ag M4,5

(367 eV) and Mg K (1305 eV) over an energy window of
suitable width after subtraction of the preceding decaying
background using a power law model. All EELS edges were
identified following reference [7]. EEL spectra were
de-noised using Principal Component Analysis (PCA) as
implemented in the MSA plugin [8] for Gatan’s Digital
Micrograph software suite. The intensities of the EELS maps
were displayed on a false colour scale, so that within each
map, a low intensity (black) corresponds to a lower relative
concentration, while increased contrast (bright) corresponds
to an increase in (relative) elemental concentration.

Results and Discussion

Figure 1 shows HAADF STEM images (Fig. 1a) and EELS
maps of Mg (Fig. 1b) and Gd (Fig. 1c) of a region con-
taining a grain boundary (as marked with GB) and a Mg5Gd
phase (in the lower-right section of Fig. 1a) in Mg–2.4Gd–
0.4Ag–0.1Zr alloy aged at 200 °C for 2048 h. Contrast in
HAADF STEM images scales to a good approximation with
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the atomic number Z of the observed material as *Z1.7 so
that atomic columns enriching with Gd and Ag atoms within
the a-Mg matrix are clearly distinguishable with a much
brighter intensity (Fig. 1a), this is in particular the case of
the numerous bright features observed in the alloy, which are
likely to be Gd-rich or Gd, Ag-rich precipitates. As an aside,
we note that the presence of the Mg5Gd phase (Fig. 1a) is
due to the formation of intermetallic Mg5Gd phase during
solidification, which cannot be completely dissolved into the
Mg matrix during solution treatment (500 °C for 6 h). The
presence of a precipitation free zone along the grain
boundary (Fig. 1a) can be attributed to the solute diffusion
during solution treatment (500 °C for 6 h) and ageing
treatment (200 °C for 2048 h). These two structural features,
while interesting in their own right, are not a focus of the
present investigation. Instead, the formation of the

precipitates within the a-Mg matrix will be investigated in
detail here. These precipitates appear to be perpendicular to
each other (Fig. 1a) and with a high number density, as can
be clearly seen in Fig. 2.

Figure 2 shows HAADF STEM images (Fig. 2a, b, c)
and EELS map for Gd (Fig. 2d) of the precipitates on the
prismatic plane in Mg–2.4Gd–0.4Ag–0.1Zr alloy aged at
200 °C for 2048 h, clearly demonstrating that the precipi-
tates on the prismatic plane are enriched with Gd (Fig. 2d).
No significant presence of Ag was observed within the
precipitates on the prismatic plane, indicating that Ag may
not be involved into the formation of the precipitates on the
prismatic plane. In contrast, a significant presence of Ag was
observed within the precipitates on the basal plane (Fig. 3),
indicating that Ag was involved into the formation of the
precipitates on the basal plane.

Fig. 1 HAADF STEM image (a) and EELS maps of Mg (b) and Gd (c) showing the presence of a Mg5Gd phase along the grain boundary in Mg–
2.4Gd–0.4Ag–0.1Zr alloy aged at 200 °C for 2048 h

Fig. 2 HAADF STEM images (a, b, c) and EELS map of Gd (d) of the precipitates on the prismatic plane in Mg–2.4Gd–0.4Ag–0.1Zr alloy aged
at 200 °C for 2048 h. The precipitates on the prismatic plane are enriched with Gd (d) (B//<21–10> Mg)
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Figure 3 shows HAADF STEM images (Fig. 3a, b) and
EELS maps for Mg (Fig. 3c), Gd (Fig. 3d) and Ag (Fig. 3e)
of the area indicated on Fig. 3a, which crosses a number of
precipitates observed on the basal plane of the alloy. The
EELS maps reveal that the basal plane precipitates are
enriched with Gd (Fig. 3d) and Ag (Fig. 3e), indicating that
both Gd and Ag may be involved in the formation of the
precipitates on the basal plane, which is also fully consistent
with the APT result reported in Ref. [5]. We note, however,
that the EELS maps did not reveal any observable difference
in Gd and Ag between the three atomic planes of the pre-
cipitates. It was therefore not possible to conclusively
associate the contrast differences in the HAADF image in
Fig. 3 with a difference in chemistry. Furthermore, the Ag
distribution in Fig. 3e does not necessarily coincide with the
location of each precipitate. The reason for this is unclear.
Thus further work is clearly needed to unambiguously
determine the degree to which Ag contributes to basal plane
precipitate formation.

Figure 4 shows a high resolution HAADF image of a
number of basal plane precipitates. Similar to the observa-
tions reported in Ref. [5], the basal plane precipitates shown
in Fig. 4 appear to consist of three atomic layers, with the
two outermost layers exhibiting a contrast differing signifi-
cantly from that of the middle layer, suggesting they may
have different structures. Specifically, the two outmost
atomic columns of the precipitates appear elongated along
the direction perpendicular to the precipitate axis, while
there is a significant “smearing” of the middle layer contrast
(making it appear more like a continuous line). The crystal
structure of these basal precipitates is visually similar with
that of the c″ phase in Mg–Gd–Zn(−Zr) alloys [2]. Here we
note that slight changes in beam channelling conditions
might also affect the observed HAADF intensities in Fig. 4,

at least in part. Thus the present structural analysis should be
regarded as tentative.

Furthermore, Ag-rich clusters were observed in the
vicinity of precipitates, as illustrated in Fig. 5, which shows
an HAADF STEM image (Fig. 5a) and EELS maps of Mg
(Fig. 5b), Gd (Fig. 5c) and Ag (Fig. 5d) over a large field of
view of the sample. For clarity, a representative spectrum is
also shown in (Fig. 5e), where the presence of Ga can be
ignored as due to the FIB preparation procedure. Figure 5d
highlights in the Ag map the presence of a large cluster of
Ag-rich material (lower part of the map). Such large Ag-rich

Fig. 3 HAADF STEM images
(a, b) and EELS maps of Mg (c),
Gd (d) and Ag (e) of the
precipitates on the basal plane in
Mg–2.4Gd–0.4Ag–0.1Zr alloy
aged at 200 °C for 2048 h. The
precipitates on the basal plane are
enriched with Gd (d) and Ag (e).
(B//<21–10> Mg)

Fig. 4 HAADF STEM image of basal plane precipitates
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clusters may form during solution treatment and coarsen
during subsequent ageing treatment.

Conclusion

We have carried out an atomic-scale experimental investi-
gation on co-precipitation on the basal and prismatic planes
in a Mg–Gd–Ag–Zr alloy aged at 200 °C for 2048 h. Two
types of precipitates on the basal and prismatic planes were
observed. Ag is proposed to be involved in the formation of
the precipitates on the basal plane, while Gd is responsible
for the formation of the precipitates not only on the prismatic
plane but also on the basal plane.

Acknowledgements The author (J.H. Li) acknowledges the casting
sample preparation from Shanghai Jiaotong University and the financial
support from the Major International (Regional) Joint Research Project
(No. 51420105005) from China and the projects (EPU 04/2017, CN
09/2016, mmc-kf15-11). The authors (Y.J. Wu and L.M. Peng)
acknowledges the financial support from the National Key Research
and Development Program of China (No. 2016YFB0301000) and
National Natural Science Foundation of China (No. 51671128). The
SuperSTEM Laboratory is the U.K. National Facility for Advanced
Transmission Electron Microscopy, supported by the Engineering and

Physical Sciences Research Council (EPSRC). SJH and AG thank
EPSRC for funding under grant EP/M010619/1.

References

1. Nie JF (2012) Precipitation and hardening in Magnesium alloys.
Metall. Mater. Trans. A. 43: 3891–3939.

2. Nie JF, Oh-ishi K, Gao X, Hono K (2008) Solute segregation and
precipitation in a creep-resistant Mg–Gd–Zn alloy. Acta Mater. 56:
6061–6076.

3. Li JH, Hage FS, Zhong XL, Wu YJ, Peng LM, Haigh SJ,
Ramasse QM, Schumacher P (2017) Elemental distribution within
the long-period stacking ordered structure in a Mg–Gd–Zn–Mn
alloy. Mater. Charact. 129: 247–251.

4. Yamada K, Hoshikawa H, Maki S, Ozaki T, Kuroki Y, Kamado S,
Kojima Y (2009) Enhanced age-hardening and formation of plate
precipitates in Mg–Gd–Ag alloys. Scripta Mater. 61: 636–639.

5. Zhang Y, Alam T, Gwalani B, Rong W, Banerjee R, Peng LM,
Nie JF, Birbilis N (2016) On the role of Ag in enhanced age
hardening kinetics of Mg–Gd–Ag–Zr alloys. Philos. Mag. Lett. 96:
212–219.

6. Gao X, Nie JF (2008) Enhanced precipitation-hardening in Mg–Gd
containing Ag and Zn alloys. Scripta Mater. 59: 619–622.

7. Ahn CC, Krivanek OL (1983) EELS Atlas, Gatan Inc., Warrendale.
8. Watanabe M, Kanno M, Ackland D, Kiely C, Williams D (2007)

Microsc. Microanal. 13 (S2): 1264.

Fig. 5 HAADF STEM image (a) and EELS maps of Mg (b), Gd (c) and Ag (d) of the precipitates on the basal plane in Mg–2.4Gd–0.4Ag–0.1Zr
alloy aged at 200 °C for 2048 h. For clarity, the spectrum is also shown in (e). (B//<21–10> Mg)

Co-precipitation on the Basal and Prismatic Planes … 383



Evolution of the Dislocation Structure
During Compression in a Mg–Zn–Y Alloy
with Long Period Stacking Ordered
Structure

Kristian Máthis, Moustafa El-Tahawy, Gerardo Garcés,
and Jenő Gubicza

Abstract
Evolution of the dislocation structure in Mg97Y7Zn5
(at. %) alloy having long period stacking ordered (LPSO)
structure was studied during compression tests. Two
materials, an as-cast and an extruded one were deformed
up to the applied strain of *25%. The evolution of the
crystallite size, the dislocation density and the population
of the particular slip systems were determined by the
evaluation of the X-ray diffraction peak profiles. A very
low dislocation density with the order of magnitude 1012–
1013 m−2 was detected in the compressed specimens. This
dislocation density did not increase considerably with
increasing strain. At the same time, a significant decrease
of the crystallite size occurred during compression. These
observations can be explained by the arrangement of
dislocations into low energy dipolar configurations, such
as kink walls, which do not contribute to the dislocation
density measurable by X-ray diffraction peak profile
analysis, however they yield a fragmentation of the
crystallites.

Keywords
LPSO structure � Diffraction line profile analysis
Dislocation density � Non-basal slip

Introduction

Magnesium alloys with long-period stacking ordered
(LPSO) structure belong to the new class of lightweight
alloys, offering excellent strength-to-weight ratio. The high
mechanical performance is ensured by the LPSO phase,
which acts as short-fiber reinforcement, similarly to the
composite materials [1]. The final strength is influenced
particularly by the manufacturing parameters (e.g., extrusion
ratio, rate and temperature) and the volume content and
crystallographic structure of the LPSO phase. Many poly-
types of LPSO phase was reported, including 10H, 14H, 18R
and 24R [2], where the H and R refer to the hexagonal or
rhombohedral symmetry, respectively, and the numbers
indicate the periodicity of the structure. In general, the LPSO
structures consist of combination of hexagonal closed
packed Mg and Y or Zn enriched layers. The latter have a
local face-centered cubic stacking sequence on the close
packed planes [3]. There is a general agreement that one of
the main deformation mechanisms in the LSPO phase is the
so-called kinking, when wedge-like bands forms in the
structure as a consequence of correlated movement of basal
<a>-type dislocation dipoles. However, molecular dynamics
simulations of Matsumoto et al. indicates that several further
mechanisms should be considered, including twinning and
non-basal slip [4]. The available experimental observations
are usually performed by scanning-(SEM) or transmission
electron microscopy (TEM) [5]. The results partially confirm
the theoretical calculations, but the investigation at higher
strain levels is rather difficult owing to the high dislocation
density. The X-ray diffraction line profile analysis (XLPA)
has been found as a reliable method for the investigation of
the dislocation structure [6]. During the data processing, the
experimental profiles are evaluated for the dislocation den-
sity, crystallite size or dislocation population in the partic-
ular slip systems [7, 8]. A doubtless advantage of this
approach is the significantly larger investigated sample
volume than that for TEM. In addition, XLPA is a
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non-destructive testing method. Thus, the sample prepara-
tion does not alter the dislocation structure formed during
deformation.

In the present work, we studied the evolution of the
dislocation structure in Mg97Y7Zn5 (at. %) alloy, where the
volume content of LPSO phase is very high (about 85%).
Compression tests on both the as-cast and extruded samples
were performed. The influence of the initial microstructure
on the dislocation structure is discussed in detail.

Experimental

The Mg97Y7Zn5 (at.%) alloy used for this study was pre-
pared by melting of high purity elements Mg, Y and Zn and
a Mg-22%Y (wt%) master alloy in a graphite crucible coated
with boron nitride under a protective Ar atmosphere. A part
of the ingot was further extruded at 350 °C with an extrusion
ratio of 18:1. Rectangular samples with the cross section of
5 mm � 5 mm and a height of 8 mm were cut parallel and
perpendicular to the longitudinal axis of the casted and
extruded specimens for compression tests. The compression
experiments were performed at room temperature and an
initial strain rate of 10−3 s−1 for the engineering strains of
*5 and *25% using an MTS 810 universal mechanical
testing machine. The list of the samples is shown in Table 1.
It is noted that for the extruded samples the samples failed
before the desired maximum strain of 25% was achieved.
Therefore, for the extruded samples compressed parallel and
perpendicular to the extrusion direction the maximum strains
were *21 and *13, respectively. The dislocation struc-
tures in the LPSO phase for the compressed specimens were
studied by XLPA. The surface of the samples was
mechanically polished and etched before the X-ray
experiments. The diffraction peaks were measured on the
surfaces lying parallel to the compression direction by
a high-resolution rotating anode diffractometer (type:
RA-MultiMax9, manufacturer: Rigaku) using CuKa1 radia-
tion with a wavelength of k = 0.15406 nm. The line profiles

were evaluated for the crystallite size, the dislocation density
and the fractions of different slip systems using the modified
Williamson-Hall method.

Results

Figure 1 shows a part of the X-ray diffraction pattern
obtained on sample Extr-PA-5%. Both Mg and LPSO phases
were detected. The structure of the major LPSO phase was
identified as 18R. The fractions of the LPSO and Mg phases
were 85 and 15% respectively. The lattice constants obtained
from the peak positions are listed in Table 2. The peaks of
the LPSO phase are broad which may be caused either by the
small crystallite size or the significant density of dislocations
formed during extrusion and compression. These two effects
can be separated by the modified Williamson-Hall method.
In this procedure, the integral breadth or the Full Width at
Half Maximum (FWHM) of the peaks are plotted as a
function of the product of square of the magnitude of the
diffraction vector (g) and the dislocation contrast factor
(Chkl) in accordance with the following equation [9].

FWHM ¼ 0:9
d

þX� g2Chkl þO g4C
2
hkl

� �
; ð1Þ

where d is the volume-weighted mean column length in the
crystallites (it can be regarded as an apparent crystallite size),
X* depends on both the density and arrangement of dislo-
cations and O stands for higher order terms in g2Chkl. The
magnitude of the diffraction vector can be obtained as
g = 2sinh/k where h is the half of the Bragg angle of the
diffraction peak. The dislocation contrast factor, Chkl, can be
expressed as:

Chkl ¼ Chk0 1þ q1zþ q2z
2

� �
; ð2Þ

where q1 and q2 are two parameters depending on the
anisotropic elastic constants of the crystal and the type of
dislocation slip system. z = (2/3)(l/ga)2, where a is the

Table 1 The samples and their
notations studied in this work

Sample name Description

As-cast-PA-5% As cast material, compressed parallel to the cast direction for the strain of 5%

As-cast-PA-25% As cast material, compressed parallel to the cast direction for the strain of 25%

As-cast-PE-5% As cast material, compressed perpendicular to the cast direction for the strain of 5%

As-cast-PE-25% As cast material, compressed perpendicular to the cast direction for the strain of 25%

Extr-PA-5% Extruded material, compressed parallel to the extrusion direction for the strain of 5%

Extr-PA-21% Extruded material, compressed parallel to the extrusion direction for the strain of 21%

Extr-PE-5% Extruded material, compressed perpendicular to the extrusion direction for the strain
of 5%

Extr-PE-13% Extruded material, compressed perpendicular to the extrusion direction for the strain
of 13%

PA—parallel, PE—perpendicular direction with respect to the cast and extrusion axes
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lattice constant in the basal plane. Chk0 is the average dis-
location contrast factor of the hk0 type reflections. The
values of Chk0, q1 and q2 are listed for the eleven most
common slip systems of the 18R LPSO phase in Table 3.
We note that this is the first study reporting these contrast
factor values which were calculated by the ANIZC software
[6] using the single crystalline elastic constants listed in
Table 2.

Figure 2 shows the modified Williamson-Hall plot for
sample Extr-PA-5%. Only those LPSO peaks were used in
this evaluation procedure which do not overlap strongly
with Mg peaks or other LPSO reflections. It is noted that the
FWHM values were corrected for the instrumental broad-
ening. The instrumental correction of the peak breadth was
performed in accordance with the method described in [9]
using the profile widths measured on LaB6 standard mate-
rial. The values of q1 and q2 in Eq. (2) are fitted in the
modified Williamson-Hall plot in order to get the most
smooth arrangement of the datum points along a straight
line. From the comparison of the experimental values of q1
and q2 with the theoretical values listed for the different slip
systems in Table 3, the fractions of <a>, <c> and <c +
a> -type dislocations were determined using the method
described in details in [8]. It was found that for all com-
pressed samples studied in this work the majority of dislo-
cations is of <a>-type with the fractions between 70 and
96%. The rest of dislocations is of <c + a> -type with the
fraction of 4–30%. The amount of <c> dislocations is

negligible. The intercept and the slope of the straight line
fitted to the data points in the modified Williamson-Hall plot
can be used for the estimation of the apparent crystallite size
and the dislocation density, respectively [see Eq. (1)]. The
slope of the straight line in the modified Williamson-Hall
plot, X*, is proportional to q � b2, where q is the disloca-
tion density and b is the Burgers vector [9]. For all the
samples studied in this work, the slope was
0.0003 ± 0.0001 nm, except for the as-cast specimens
compressed for the strain of 5%, as for the latter samples the
crystallite size and the dislocation density were larger and
smaller, respectively, than the detection limits of the present
X-ray line profile analysis. Therefore, the modified
Williamson-Hall could not be applied for these samples.
The slope of the modified Williamson-Hall plots determined
for the other LPSO samples (0.0003 ± 0.0001 nm) was
similar to that obtained for other Mg alloys with the dislo-
cation density of *1014 m−2 [11]. However, for the LPSO
phase the Burgers vector is larger with a factor of 3–7 than
for the common Mg alloys (such as for AX41 or AZ31),
due to the much larger lattice constants of the LPSO
material. It is noted that the average Burgers vectors for the
different specimens were calculated from the fractions
of <a>, <c> and <c + a> -type dislocations and their values
were found to be 1–2 nm. Since the slope of the straight line
in the modified Williamson-Hall plot is proportional to q
b2, a similar slope in the modified Williamson-Hall plot for
the LPSO phase corresponds to a one-two orders of mag-
nitude lower dislocation density than that in the mentioned
Mg alloys. Therefore, the estimated dislocation density in
the present LPSO specimens is 1012–1013 m−2. It is noted
that the order of magnitude of the dislocation density was
the same in the extruded samples for both low and high
strains as well as for the as-cast specimens compressed up to
the strain of *25%.

Although, in the extruded samples the dislocation density
measurable by X-ray line profile analysis did not change
considerably with increasing strain, there was a decrease in
the crystallize size (see Table 4) which indicates dislocation
activity during compression. The dislocation structures with
strongly shielded strain fields, such as small dipoles, cannot
be detected by X-ray line profile analysis. Former studies
[12] suggested the formation of kink walls during defor-
mation of hexagonal materials. If the spacing between the
dislocations with opposite signs in the kink walls is small,
the strain field of these dislocations are strongly shielded,
therefore they are practically invisible by X-ray line profile
analysis. However, these kink walls result in a fragmentation
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Fig. 1 A part of the X-ray diffractogram obtained on sample
Extr-PA-5%. The indices of reflections for the LPSO and Mg phases
are given above the peaks

Table 2 The lattice constants
(a and c) of the LPSO phase
and its elastic constants taken
from Ref. [10]

a (nm) c (nm) C11 (GPa) C12 (GPa) C13 (GPa) C33 (GPa) C44 (GPa)

1.118 4.694 68.4 25.8 19.6 75.2 21.6
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of grains into smaller coherently scattering domains, i.e., the
dislocations in the kink walls can be observed indirectly by
the reduction of the crystallite size measurable by X-ray
peak profile analysis. Therefore, according to our experi-
ments it seems that there was a dislocation multiplication
during compression of the LPSO samples, however a part of

dislocations were arranged into low energy kink walls. This
process yielded an unchanged low value of the dislocation
density (1012–1013 m−2) obtained by X-ray peak profile
analysis and a reduction of the apparent crystallite size. The
low value of the dislocation density in the compressed LPSO
samples can be attributed to the large Burgers vector, which
yields a high shear strain during gliding even if the dislo-
cation density is small. It should also be noted that this is the
first study in the literature, which reports the type and den-
sity of dislocations in plastically deformed LPSO phase.

Summary

In this work, the evolution of the dislocation structure in
as-cast and extruded magnesium alloys with 85% LPSO
volume content was studied. The following conclusions can
be drawn:

• The dislocation density was in the order of 1012–
1013 m−2 after the compression of the extruded samples
up to the strain of *5%. The dislocation density did not
change considerably with increasing the strain to *25%.
Similar dislocation density value was observed for the

Table 3 The dislocation contrast
factors calculated for the eleven
dislocation slip system in the
LPSO phase

Notation Burgers vector type Burgers vector Slip plane {hk0 q1 q2

PrE <a> 1/3 1210
� �

1010
� 	

0.334 −0.1702 0.0072

PrE <a> 1/3 1210
� �

1011
� 	

0.327 −0.1630 0.0066

BE <a> 1/3 1210
� �

{0001} 0.2016 −0.0016 −0.0041

S1 <a> 1/3 1210
� �

n.a. 0.1259 0.1654 −0.0213

Pr2E <c> 〈0001〉 1100
� 	

0.03622 0.8318 0.0245

S3 <c> 〈0001〉 n.a. 4 � 10−6 −4450 29552

Pr3E <c + a> 1/3 2113
� �

0110
� 	

0.04081 0.0259 1.3281

Py3E <c + a> 1/3 2113
� �

1211
� 	

0.04533 0.0320 1.0262

Py4E <c + a> 1/3 2113
� �

1010
� 	

0.0485 0.6871 −0.0072

Py2E <c + a> 1/3 2113
� �

2112
� 	

0.0451 0.6326 0.0175

S2 <c + a> 1/3 2113
� �

n.a. 0.0249 2.6611 −0.2191

Fig. 2 The modified Williamson-Hall plot for sample Extr-PA-5%

Table 4 The crystallite size of
the LPSO phase for the different
samples

Sample name Crystallite size (nm)

As-cast-PA-5% n.a.

As-cast-PA-25% 42 ± 4

As-cast-PE-5% n.a.

As-cast-PE-25% 39 ± 4

Extr-PA-5% 56 ± 6

Extr-PA-21% 37 ± 4

Extr-PE-5% 49 ± 5

Extr-PE-13% 33 ± 3
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as-cast LPSO materials compressed to the strain
of *25%, i.e., the dislocation density was not sensitive
to the initial state of material.

• Although, the dislocation density measurable by X-ray
line profile analysis did not change considerably with
increasing strain, the crystallite size decreased which can
be explained by the arrangement of dislocations into kink
walls. The majority of dislocations was found to be
of <a>-type with the fractions between 70 and 96% for
the different samples. The rest of dislocations is of <c +
a> -type with the fractions of 4–30%.
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Intermetallic Phase Characteristics
in the Mg–Nd–Zn System

Domonkos Tolnai, Samuel A. Hill, Serge Gavras, Tungky Subroto,
Ricardo Buzolin, and Norbert Hort

Abstract
Neodymium, a Rare Earth with low solid solubility in Mg
is an ideal alloying element to improve the yield strength
and creep resistance cost effectively. The addition of Zn
achieves a further improvement; however, its influence on
the intermetallic phases in the Mg–Nd–Zn ternary system
is not yet fully understood. A Mg-5Nd alloy modified
with 3, 5 and 7 wt% of Zn was investigated with in situ
synchrotron radiation diffraction during cooling from the
molten state to 200 °C in order to investigate the
phase-formation and -transformation characteristics of
the alloys. The synchrotron diffraction results have been
complemented with TEM investigations on the
as-solidified samples. The results suggest that Zn has a
strong effect on the microstructure by stabilizing the
Mg3Nd phase and accelerating the precipitation forma-
tion. The experimental results do not fully comply with
the theoretical calculations, indicating the necessity of
improving the thermodynamic databank for this alloy
system.

Keywords
Mg–Nd–Zn alloys � Intermetallic phases � In situ
synchrotron diffraction � Solidification

Introduction

The constant strive on energy efficiency has increased the
importance of weight saving through light-weight design in
the automotive and aerospace industries [1]. The high
specific strength and stiffness of Mg and its alloys [2]
complemented by their generally good castability would
ensure a prominent place among the materials used for
transportation. Despite their advantages, the wide usage is
hindered by their poor absolute properties, insufficient
formability at ambient temperatures [3] and weak corrosion
resistance. The latter, however can be exploited in the field
of degradable implant development [4].

There are two approaches to improve the poor absolute
strength of Mg; generating secondary phases with reinforcing
characteristics and/or thermo-mechanical processing to
obtain ultrafine structures. An effective solution to enhance
the mechanical property profile of Mg is the alloying with the
combination of Zn and Rare Earth (RE) metals [5]. The
addition of Zn to the Mg–RE systems accelerates the age
hardening response and increases the peak strength due to the
uniformly distributed basal precipitates [6,7]. The addition of
RE improves the castability further and increases the elevated
temperature strength [8]. Furthermore, it weakens the ani-
sotropy [9, 10] that leads to improved ductility of Mg alloys.

These alloys are produced mainly in the form of castings
therefore their property profile is determined during the so-
lidification [11, 12] and the following thermo-mechanical
processing [13]. Thus, controlling the sequence of formation
and evolution of the meta-stable and stable phases during
solidification is a prerequisite to the design of the
microstructure.

Performing in situ diffraction experiments while cooling
the molten sample to the fully solidified state, allows iden-
tifying the secondary phases, to determine their solidification
sequence [14, 15] and to use these results for experimental
validation of the existing thermodynamic databases on the
investigated system.
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Experimental Methods

The alloys were prepared by permanent mould indirect chill
casting [16]. Pure Mg was melted in an electric resistance
furnace under protective atmosphere of 2 vol.% SF6 and Ar.
The Zn and Nd alloying elements were added as pure
materials. After mixing, the melt was held at 720 °C for
10 min then was poured into a steel mould preheated to
660 °C. After 5 min isothermal holding the mould was
quenched into water at a rate of 10 mm s−1 until the top of
the melt was in line with the cooling water level. The
composition of the ingots was measured by Spark Optical
Emission Spectroscopy and X-ray Fluorescence
Spectroscopy.

The metallographic preparation of the samples was done
by grinding using SiC paper and polishing with OPS solu-
tion. For the optical microscopy (OM) investigation the
samples were etched with acetic-picral solution. The OM
analyses were performed using a Leica DMI 500 light
optical microscope. The average grain size was calculated
based on measuring 100 grains using the line intercept
method.

Scanning Electron Microscopy (SEM) was done with a
Tescan Vega 3 SEM. A Phillips CM200 Transmission
Electron Microscope (TEM) with accelerating voltage of
200 kV was used to obtain bright field (BF) micrographs and
microbeam selected area diffraction (SAED) patterns of the
intermetallic phases. TEM foils were prepared via elec-
tropolishing using a 1.5% perchloric acid solution in ethanol.

In situ solidification synchrotron diffraction experiments
were performed at the P07 (HEMS) beamline of PETRA III
at DESY (Deutsches Elektronen-Synchrotron).
A monochromatic beam with a cross-section of 1.1 mm
1.1 mm was used, and a beam energy of 100 keV
(k = 0.0124 nm) was used. The acquisition time for each
image was 0.5 s. The samples were encapsulated in stainless
steel crucibles under Ar atmosphere. The experiments were
performed in the chamber of a modified DIL805 A/D
dilatometer (Bähr-Thermoanalyse GmbH, Hüllhorst, Ger-
many). The diffraction patterns were acquired with a Perki-
nElmer 1622 Flatpanel detector with pixel size of (200 lm)2

The distance between sample and detector was 1603 mm
(calibrated with a LaB6 standard powder sample). The
sample was heated to 800 °C with a then held at this tem-

perature for 5 min before cooling to room temperature with a
cooling rate of 50 K/min. The recorded diffraction patterns
were analyzed using Fit2D.

Solution treatments were performed at 460 °C for 24 h in
an electric resistance furnace and were immediately followed
by room temperature water quenching. Samples were solu-
tion treated. Ageing treatments were performed at 250 °C
for 168 h and were immediately followed by room temper-
ature water quenching.

For the hardness measurements samples were ground
using SiC paper up to P2500 before testing. The vickers
hardness (HV5/30) was measured on an EMCO TEST M1C
010 hardness machine using 5 kg with a loading time of
30 s. 10 indentations were taken per sample.

Phase diagrams were produced with PANDATTM 2016.1
software using the PanMg 2017 database. The Nd content
was set to 4.3 wt%. A diagram was constructed with no
suppressed phases, and one with the phases Mg41Nd5 and
Mg12Nd suppressed.

Results and Discussion

The actual alloy compositions measured with spark analyser
and XRF are listed in Table 1.

As-Cast Microstructure

The as-cast microstructures of the investigated alloys are
shown in Fig. 1a–c. In all the alloys, there is a
semi-continuous network of intermetallic particles at the
grain boundaries. The grain sizes are measured on optical
metallographic images as 0.56 ± 0.03 mm for Mg5Nd3Zn,
0.36 ± 0.02 mm for Mg5Nd5Zn and 0.2 ± 0.02 mm for
Mg5Nd7Zn, respectively.

To analyse the influence of Zn additions on the volume
fraction and morphology of the intermetallic phases, SEM
investigations were used (Table 2).

In all the alloys two types of intermetallic phases are
present, a eutectic lamellar and a continuous intermetallic
morphology. The latter has an increasing volume fraction as
the Zn content is increased to 5 wt% and further to 7 wt% as
shown in Fig. 1.

Table 1 Chemical composition
of the alloys

Composition Nd wt%(XRF) Zn wt%(spark)

Mg5Nd3Zn 4.35 3.20

Mg5Nd5Zn 4.20 5.20

Mg5Nd7Zn 4.34 8.00
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Phase Identification

In order to characterize the intermetallic phases, synchrotron
radiation diffraction was used. The line profiles of the
samples in as-cast condition are shown in Fig. 2.

The results show that in the case of Mg5Nd3Zn only one
intermetallic, the Mg3(Nd, Zn) quasi binary phase is present.
Although on the SEM images two distinct phases are
observed, it is possible that the continuous morphology has
such a low volume fraction that is below the detection limit
of the synchrotron diffraction. In the case of the higher Zn
containing alloys the Mg50Nd8Zn42 phase is clearly detect-
able. To support the results of the synchrotron radiation
diffraction investigations, TEM phase identification was
performed on the intermetallic particles. Using micro-beam
electron diffraction, it was possible to obtain selected area
electron diffraction patterns from the intermetallic phases.

Following zone axis identification, it was confirmed that the
intermetallic lamellar phase was quasi-binary face-centred
cubic (FCC) phase, Mg3(Zn, Nd) while the continuous
intermetallic phase was a c-centered orthorhombic phase
Mg50Nd8Zn42. Figure 3 shows a region of the sample from
Mg5Nd5Zn, where these two different intermetallics lie
adjacent to each other.

Thermal Analysis

Differential Thermal Analysis (DTA) was used to obtain the
liquidus and solidus temperatures of the alloys. The samples
were subjected to three subsequent heating-cooling cycles
with a rate of 10 K/min. The results show that with the
increasingZn content the formation temperatures of the phases
decrease and the freezing range increases as shown in Table 3.

Fig. 1 SEM micrographs of Mg5Nd3Zn (a, d, g) Mg5Nd5Zn (b, e, h) and Mg5Nd7Zn (c, f, i) in as-cast (a–c), solution heat treated (d–f), and
aged (g–i) conditions

Table 2 Average volume
fraction of the intermetallic phase
in the investigated alloys

Composition (wt%) Average volume fraction (%)

Mg5Nd3Zn 13.9 (± 1.7)

Mg5Nd5Zn 13.4 (± 0.4)

Mg5Nd7Zn 15.2 (± 0.7)
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In situ synchrotron diffraction experiments were per-
formed during melting and subsequent cooling of the sam-
ples in order to investigate the solidification sequence of the
alloys and to determine whether phase transformations occur
in liquid or solid state. The results indicate that first a-Mg
dendrites form followed by the Mg3(Nd, Zn) quasi binary
phase. The solidification ends with the formation of
Mg50Nd8Zn42 phase detected only in the higher Zn con-
taining alloys, Mg5Nd5Zn and −7Zn as shown in Fig. 4.

During the post mortem metallographic investigation of
the as-solidified samples from the in situ solidification
experiments, precipitations were found in the matrix as
shown in Fig. 5. From the initial investigation of these
precipitates, it is likely that they are Mg3RE (Mg3Nd in this
investigation). However, further analysis needs to be com-
pleted before the phase of the precipitates can be decisively
stated. The presence of precipitates may be explained by the

reduction in solubility within the hcp matrix upon cooling.
The final solid hcp Mg will likely form with the maximum
solid solubility of Nd and Zn. This coring effect would
explain the tendency of precipitates to form close to the
intermetallics on the grain boundaries, as these are regions of
greater solute enrichment.

Heat Treatments

The evolution of the microstructure through solution heat
treatment and ageing is shown in Fig. 1d, e, f, g, h, i,
respectively. The volume fraction of intermetallics decreases
during solution treatment as they dissolved into solid solu-
tion in the a-Mg matrix. SEM micrographs show both in-
termetallic phases present in Mg5Nd3Zn (Fig. 1d) and in
Mg5Nd7Zn (Fig. 1f). The Mg5Nd5Zn alloy is likely to

Fig. 2 Section of the line profiles of the investigated Mg–Nd–Zn
alloys

Fig. 3 Mg5Nd5Zn bright field micrograph of showing 2 adjacent
intermetallic phases the lamellar FCC and the continuous intermetallic
with c-centred orthorhombic phase with corresponding zones axes
showed respectively

Table 3 Liquidus and solidus
temperatures measured with DTA
and phase formation temperatures
measured by in situ synchrotron
diffraction at 50 K/min cooling
rate

Mg5Nd3Zn Mg5Nd5Zn Mg5Nd7Zn

Liquidus (°C) 628 623 616

Solidus (°C) 510 495 487

a-Mg (°C) 633 633 623

Mg3(Nd, Zn) (°C) 511 508 488

Mg50Nd8Zn42 (°C) N/A 462 469

Table 4 Changes in Vickers
hardness through heat treatment

As-cast Solution treated Aged

Mg5Nd3Zn 57.4 ± 4.5 42.9 ± 3 40.3 ± 2

Mg5Nd5Zn 50.3 ± 3 42.6 ± 3.4 43 ± 3.4

Mg5Nd7Zn 65.1 ± 3.9 48.6 ± 3.7 51.7 ± 2.9

394 D. Tolnai et al.



contain both intermetallic phases, but only the quasi-binary
phase is evident in Fig. 1e.

Micrographs show the continuous phase to form a dif-
ferent shape after the solution heat treatment. The
quasi-binary phase appears to form between successive
dendrite arms, whereas the continuous phase is likely to be
located between successive dendrites, or in larger voids. 2D

micrographs show this as the quasi-binary phase linking the
continuous regions. Precipitates were observed in all
microstructures after ageing. They appear to be more evenly
distributed. This is as expected, as the heat treatments allow
diffusion within the matrix, leading to a more even solute
distribution. They are seen to form arrays, likely along
defects such as a dislocation. With increasing Zn content the
precipitates appear to become finer.

The change in Vickers hardness of the alloys throughout
the heat treatments is shown in Table 4.

In case of all three alloys a decrease in hardness can be
observed after solution heat treatment. Although inter-
metallic particles precipitate, there are no significant differ-
ences between the solution treated and the aged samples.
The T6 heat treatment is seen to decrease the hardness of all
alloys, indicating that such a high alloying content is already
detrimental to the age hardening of the system [17]. In this
case the hardness is not strongly dependant on the precipi-
tation strengthening, instead relies on the volume fraction of
the intermetallic phases. These hard particles can effectively
strengthen the matrix, and as during the heat treatment their
volume fraction decreases their overall strengthening capa-
bility shows the same trend.

Thermodynamic Modeling

A quasi-binary section of the Mg–Nd–Zn phase diagram at
4.3 wt%Nd content calculated with Pandat is shown in Fig. 6.

Fig. 4 Solidification sequence of Mg5Nd5Zn, obtained by in situ synchrotron radiation diffraction

Fig. 5 a SEM BSE micrograph overview of Mg5Nd3Zn following
melting and solidification at 100 K/min indicating the location of
precipitates b TEM BF Mg3RE precipitates from two different zone
axes present following melting and solidification at 100 K/min in
Mg5Nd5Zn
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It is evident that the equilibrium phase diagram can-
not describe the reality in this case. However, the con-
tinuous intermetallic phase (Mg50Nd8Zn42) is predicted in
the case of all alloys, the investigations did not reveal
the presence of Mg41Nd5, which is reported to be the
stable phase in Mg–Nd binary system. When the

simulation is performed with the Mg41Nd5 phase sup-
pressed, Mg12Nd is predicted instead, which is in good
correlation with previous findings under realistic solidi-
fication conditions [15]. Suppressing this phase as well,
leads to the correct description of the phases as shown
in Fig. 7.

Fig. 6 Quasi-binary section of
the Mg–Nd–Zn phase diagram at
4.3 wt% Nd

Fig. 7 Quasi-binary section of
the Mg–Nd–Zn phase diagram at
4.3 wt% Nd excluding the
Mg41Nd5 and Mg12Nd phases
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However, the latter thermodynamic calculation yields
good result in the case of the lower Zn content alloys, the
description of Mg4NdZn8 (Mg5Nd7Zn) is still incorrect,
since it does not predict the Mg3(Zn, Nd) phase. This sug-
gests, the necessity of improving the corresponding ther-
modynamic database.

Conclusions

From the phase identification and thermal-analyses of the
alloys from the Mg–Nd–Zn system the following conclu-
sions can be drawn:

• The increasing Zn content decreasing the grain size of the
alloys.

• There are two different intermetallic phases present in the
alloys, the face centered cubic Mg3(Nd, Zn) and the c
centered orthorhombic Mg50Nd8Zn42 phase. The latter
has a negligible volume fraction in the lowest Zn content
Mg5Nd3Zn alloy.

• Precipitation have been found in the as-solidified sam-
ples, close to the grain boundaries and the intermetallic
phases. This can be a result of solute enrichment of these
regions during solidification.

• The solution and ageing heat-treatments lead to the
worsening of the hardness, indicating that precipitation
strengthening has no decisive effect on the overall
strength of the material.

• The addition of Zn to binary Mg-Nd alloys stabilizes the
Mg3(Nd, Zn) phase.

• The thermodynamic databases not correlate with the
experimental results, however in the case of Mg5Nd3Zn
and -5Zn the calculations give acceptable results when
the Mg41Nd5 and the Mg12Nd phases are suppressed.
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Biodegradable Mg–Y and Mg–Li Alloys
with the Addition of Ca and Zn for Medical
Applications

Sonia Boczkal, Michał Karaś, Anna Maria Osyczka,
and Marzena Lech-Grega

Abstract
The study describes structure characteristics as well as
mechanical properties, corrosion behavior and biocom-
patibility of Mg–Y and Mg–Li alloys with 0.2% Ca,
1% Ca and 1% Zn cast into permanent molds. The
structure showed a significant effect of the amount of
alloying additives on the morphology of phases occurring
mainly at the grain boundaries. Alloy composition also
affects the possibility of grain structure refinement. The
mechanical properties obtained the highest level in alloys
with the addition of 1% Zn and 0.2% Ca. The results of
biodegradation tests carried out in Ringer’s solution
showed that the lowest dissolution rate had the alloys with
low Ca content. High Ca content raised the content of the
Mg2Ca phase in the alloy, which acted as a catalyst of the
grain boundary corrosion. The examination of Mg alloys
carried out under sterile conditions at 37 °C after 144 h of
the test in a-MEM solution has proved a high biocom-
patibility of these alloys when containing additions of Li,
Ca and Zn.

Keywords
Mg–Y alloys � Mg–Li alloys � Ca and Zn additions
Structures � Properties � Immersion tests

Introduction

The currently used in medicine metallic implants as well as
those developed by scientists must exhibit a number of
necessary properties, including mechanical strength,

resistance to cyclic fatigue and biocompatibility. Biomate-
rials such as steel, titanium or Co–Cr alloys have stiffness
and durability far exceeding the natural properties of human
bones. Additionally, these materials introduced into the body
generate the risk of reduced immunological resistance as a
result of corrosion process and the release of toxic metal
ions [1]. Magnesium alloy implants are an interesting
alternative to non-resorbable metallic biomaterials as regards
both physical and chemical properties. Magnesium and its
alloys are lightweight materials with mechanical properties
and modulus of elasticity similar to the natural bone, and
what is even more important is their full biodegradability in
living organisms. Magnesium is also an essential component
of human metabolism and the fourth most abundant cation in
the human body [2]. In spite of this, the development of
biomaterials for implants fully resorbable by the human
body encounters many problems that require solutions in the
field of both materials engineering and biomedicine. One of
the issues to be solved is the effect of various elements
included in the composition of magnesium alloys on the
properties of these alloys, the corrosion rate in physiological
fluids in particular, and on the in vitro and in vivo bio-
compatibility [3]. Elements such as Ca, Zn, Li and small
amounts of RE are generally considered to be the most
biocompatible additives introduced into magnesium alloys.
The composition and the amount of alloying additives
contribute to the change of mechanical properties and cor-
rosion behavior. Calcium is the most important mineral in
human bones. The addition of over 1% Ca to magnesium
alloys improves the corrosion resistance and to some extent
also the mechanical properties [4, 5]. Calcium in magnesium
alloys forms phases such as CaMg2 [4–6]. The addition of
Ca and Y to magnesium alloys reduces the evolution of
hydrogen and thus increases the corrosion resistance [1]. The
addition of yttrium is particularly beneficial for the
mechanical properties. Combined with magnesium, yttrium
forms Mg24Y5 and Mg2Y phases. It has to be remembered,
however, that increasing yttrium content in the alloy, and
thus increasing the content of the Mg24Y5 phase, will
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accelerate the micro-galvanic corrosion [7]. Like yttrium,
zinc also improves mechanical properties, especially during
heat treatment, and reduces the corrosion rate in alloy
compared to pure Mg. Introduced to Mg alloys, it forms the
MgZn2 phase [7, 8].

Mg–Li alloys are characterized by satisfactory plastic
properties and moldability; they also offer high strength and
stiffness. Added to magnesium alloys, lithium reduces the
c/a ratio of lattice parameters, resulting in easier slip of
non-basal systems [9]. Lithium content in magnesium alloys
raised to 8.5% contributes to higher biodegradation rate. The
high corrosion rate in Mg–Li alloys due to the high lithium
content can be attributed to an increase in the proportional
content of b phase with regular lattice [10]. In addition to the
mechanical properties and corrosion rate, another important
feature of magnesium alloys is their biocompatibility deter-
mined in immersion test. This test is carried out in simulated
body fluids (SBF), physiological buffered saline (PBS) and
a-MEM solution. Monitoring of the pH level and time-based
observations allow considering this material as fully bio-
compatible. Pure magnesium dissolves in a solution with the
pH value of 7.4–7.6 [11]. Similar in vitro studies of the
MgY2Zn1Ca0.25 alloy performed in a-MEM solution
showed after the lapse of 100 h the initial pH value of 7.5
and the final value of 8.5 [12].

Controlling magnesium properties through the best
choice of alloy components should give an optimum
chemical composition of the alloy with strictly defined
properties comparable to natural bone tissue. In order to
design a biocompatible material, the structure and mechan-
ical properties of castings made from the Mg–Y and Mg–Li
alloys with different content of Ca and Zn were character-
ized. The impact of chemical composition on the degrada-
tion rate in Ringer’s solution and biocompatibility in
a-MEM solution was determined by the time-related pH
measurements. Sample structure and surface changes after
the immersion test were studied.

Methodology

Studies were made on eight as-cast Mg–Y and Mg–Li alloys
with the addition of Ca and Zn (Table 1). Mg–Y alloys were
prepared on the basis of ZK60 alloy and Mg–Li alloys on
technically pure components. Casting into permanent steel

molds of 40 mm diameter and 160 mm length was carried
out in a protective atmosphere of argon in a magnesium
melting furnace with a capacity of 10 kg. The alloys were
cast at a temperature above 700 °C to the molds heated to
about 280–300 °C. Castings were sampled for structural,
properties, corrosion and biocompatibility studies.

Structure examinations and grain size measurements were
made on as-cast metallographic sections using an Olympus
GX70 optical microscope and Inspect F50 scanning electron
microscope with EDS and EBSD. Average grain size studies
were performed by incisal techniques in three images from
an optical microscope. Mechanical properties (yield strength,
ultimate tensile strength and elongation) were tested on an
Instron 5582 100 kN machine at room temperature. The tests
were performed on three samples with two deformation rates

e
� ¼ 2; 8 �� 10�3s�1 and e

� ¼ 2; 5 �� 10�4s�1. The corrosion
behavior was observed in Ringer’s solution with an osmo-
larity of 309 mOsmole/l and pH of 5.0–7.5 at a temperature
of 37 °C using samples with a total area of approximately
280 mm2. The test time was 24, 48, 72 and 96 h. The cor-
rosion products were removed in accordance with [13] using
Cr03 + AgNO3 + Ba (NO3)2 solution. Based on the results
of weight measurements, the weight loss was calculated.
Biocompatibility was determined under sterile conditions on
disc-shaped samples of 2 mm thickness and 8 mm diameter
at a temperature of 37 °C in a-MEM solution with the
addition of 10% FBS and 1% penicillin/streptomycin. After
24 h, 72 h and 144 h, the pH of the solution was measured,
corrosion changes were recorded, and the solution was
replaced.

Results

Structure was studied on castings made from the Mg–Y and
Mg–Li alloys with varying Ca and Zn content, revealing the
grain structure (Table 2) in the examined materials. In the
Mg–Y alloy containing 0.2% Ca, very large grains of
the size of even a few millimeters were grouped around the
sample axis (so called “bamboo structure”) (Fig. 1a). The
smallest mean grain size was observed in the Mg-Li alloys.
The values ranged from 100 to 200 lm (Fig. 1b).

SEM analysis of the structure showed that in the exam-
ined alloys the intermetallic phases occurred mainly within
the grain boundaries (Fig. 2). Increasing the Ca and Zn

Table 1 Comparison of the
chemical composition of castings
[wt%]

Alloy Y Ca Zn Alloy Li Ca Zn

MgY1Ca0.2 0.98 0.20 0.01 MgLi1Ca0.2 0.57 0.22 0.00

MgY1Zn1Ca0.2 0.80 0.16 0.88 MgLi1Zn1Ca0.2 0.68 0.23 0.81

MgY1Ca1 0.80 1.10 0.01 MgLi1Ca1 0.55 0.90 0.00

MgY1Zn1Ca1 1.05 1.25 1.10 MgLi1Zn1Ca1 0.68 0.92 0.82
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content increased the volume fraction of these phases.
Higher content of Ca and Zn in Mg-Li alloys was observed
to lead to the formation of eutectic Mg2Ca and a-Mg phases.
The addition of Zn changed the shape and morphology of
phases within the grains. Chemical analysis and phase
analysis using the EBSD crystallographic orientation ana-
lyzer showed the occurrence of Mg24Y5, Mg3Y2Zn3 and
YZn5 phases, closely related to the alloy chemical compo-
sition. The phases were either isolated or “anchored” to the
Mg2Ca phase.

The results of mechanical tests (Table 3) have indicated
that zinc added to the alloy causes a considerable increase of
the tensile strength but only slight increase of the yield
strength. The highest yield strength was obtained in
MgY1Ca1Zn1 and MgLi1Ca1Zn1 alloys, while MgY1-
Ca0.2Zn1 and MgLi1Ca0.2Zn1 alloys showed the highest
tensile strength and elongation.

Studies of the weight loss changes in magnesium alloys
after the exposure to Ringer’s solution (Fig. 3) lead to the
conclusion that Ca content increased to 1% increases the
dissolution rate. The MgY1Ca1 alloy dissolved completely

after 24 h (Fig. 3a). The second fastest dissolving magne-
sium alloy was MgY1Ca1Zn1, which after 24 h had lost
nearly 20% of its initial weight. It can therefore be con-
cluded that 1% zinc addition to these alloys reduces the
dissolution rate of the material. Compared to Mg–Y alloys,
Mg-Li alloys dissolved much more slowly, since the loss of
weight in time was for these materials the lowest (Fig. 3b).
Large dispersion of the weight loss results in MgLi1Ca1Zn1
alloy was caused by the difficult cleaning of the sample from
the reaction products after the immersion test.

As a result of biocompatibility studies carried out by
immersion test in a-MEM solution with the addition of 10%
FBS and 1% penicillin/streptomycin (Fig. 4), it was found
that MgYCa0.2Zn1, MgLiCa0.2Zn1 and MgLi1Ca1Zn1
alloys exhibited the lowest pH of the solution after 144 h
and no traces of infection. The pH level of these materials
increased at the start of the test but remained unchanged after
the 24th hour of the test. In other samples, foam has
appeared and the value of pH rose to 9.4. The samples of
MgYCa1 and MgY1Ca1Zn1 alloys were completely
dissolved.

Table 2 Average grain size (d) and standard deviation (r)

Alloy d(mm) r (mm) Alloy d(mm) r (mm)

MgY1Ca0.2 2.07 2.03 MgLi1Ca0.2 0.22 0.09

MgY1Ca0.2Zn1 1.97 1.88 MgLi1Ca0.2Zn1 0.17 0.07

MgY1Ca1 1.20 0.50 MgLi1Ca1 0.16 0.07

MgY1Ca1Zn1 0.90 0.34 MgLi1Ca1Zn1 0.11 0.04

Fig. 1 Grains in alloys: a MgY1Ca0.2 and b MgLi1Ca0.2
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Fig. 2 SEM structure of magnesium alloys: a MgY1Ca1, b MgY1Ca1Zn1, c MgLi1Ca1 and d MgLi1Ca1Zn1

Table 3 Mechanical properties obtained in static tensile test

Alloy YS (MPa) UTS (MPa) EL (%) Alloy YS (MPa) UTS (MPa) EL (%)

MgY1Ca0.2 34 ± 2.8 78 ± 8.4 6.0 ± 0.6 MgLi1Ca0.2 45 ± 6.1 109 ± 21.7 5.2 ± 2.4

MgY1Ca0.2Zn1 58 ± 10.6 135 ± 30.4 6.3 ± 1.3 MgLi1Ca0.2Zn1 68 ± 2.0 181 ± 17.7 15.4 ± 1.3

MgY1Ca1 59 ± 2.1 82 ± 28.9 1.6 ± 1.3 MgLi1Ca1 61 ± 0.7 96 ± 4.2 1.9 ± 0.4

MgY1Ca1Zn1 89 ± 4.9 120 ± 2.1 1.4 ± 0.2 MgLi1Ca1Zn1 72 ± 4.0 129 ± 7.0 3.9 ± 0.9
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Conclusions

Tests were carried out on eight as-cast Mg alloys, including
four Mg–Y alloys and four Mg-Li alloys with varying Ca
and Zn content. As a result of structure examinations, the
smallest grains were found in Mg–Li alloys. In the
MgLi1Ca1Zn1 alloy, the mean particle size was 110 lm.
The grain size in magnesium alloys had no serious impact on
the mechanical properties, as these depended mainly on the
alloy chemical composition. In both tested alloy series, the
tensile strength and ductility have reached the highest values
when the addition of Ca was 0.2% and of Zn—1%. Hence
follows the conclusion that higher Ca content in alloys leads
to lower tensile strength and higher yield strength. The im-
mersion tests carried out in Ringer’s solution and in a-MEM
solution with the addition of 10% FBS and 1%
penicillin/streptomycin have shown that Mg–Li alloys

dissolve much more slowly than Mg–Y alloys and maintain
a relatively low pH of the solution after 144 h. Additionally,
it was found that lower corrosion rate was achieved in alloys
containing 0.2% Ca and not in those with 1% Ca. As a result
of structure examinations, mechanical tests, and studies of
the dissolution rate and biocompatibility, three alloys, i.e.
MgYCa0.2Zn1, MgLiCa0.2Zn1 and MgLi1Ca1Zn1, were
identified as biomaterials with the greatest potential for use
in bone tissue implantology.
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Degradable Magnesium Implants—
Assessment of the Current Situation

R. Willumeit-Römer, N. Ahmad Agha, and B. Luthringer

Abstract
Mg and its alloys degrade under physiological conditions.
The great challenge here is to tailor the degradation in a
manner that is suitable for a biological environment. Fast
or uncontrolled corrosion is associated with strong
hydrogen and ion release and severe pH changes, which
can lead to a fast loss of mechanical stability and
undesirable biological reactions. Since these processes are
highly complex in a living system and sufficient data
describing the degradation in vivo is missing, it is very
difficult to produce knowledge based new alloys. Still, the
endeavour is successful: one CE certified Mg-alloy
compression screw (Magnezix, Syntellix AG, Germany)
and a Mg-based drug-eluting stent (Magmaris,
Biotronik AG, Germany) are on the market. In addition,
in China and Korea patient trials (hip surgery and hand
fracture) are reported. This paper gives a brief outline of
the current status of Mg-implants and which obstacles
still have to be mastered. As an example for the special
nature of Mg and its interaction with cells, a comparison
is made between the influence of osteoblasts (bone
forming cells) and fibroblasts (the most abundant cells in
connective tissue) on the degradation layer underneath the
cells.

Keywords
Magnesium (Mg) � Degradation � Osteoblasts
Fibroblast � Degradation layer

Introduction

For almost 100 years, Mg has been tried to be used as
biomaterial [1]. As a metal having mechanical properties
similar to the ones of bone, Mg can be used as load bearing
implant. Furthermore, Mg has the specialty to degrade under
physiological conditions, making it a very good candidate
for applications were no permanent support is needed. Still,
almost as long it is known that using Mg as biodegradable
implant can be quite problematic. Fast or uncontrolled cor-
rosion is associated with strong hydrogen and ion release
and severe pH changes, which can lead to a fast loss of
mechanical stability and undesirable biological reactions.
Despite several attempts to bring Mg into the clinics for
orthopaedic, trauma or internal medicine: when other
materials like steel, titanium and even polymers entered the
field, Mg implants lost the interest of researchers.

A renascence of Mg as biomaterial was observed when
the technology advanced in other fields such as e.g. auto-
motive industry and studies showed that from the patient’s
point of view, degradable implants would clearly be pre-
ferred [2]. In addition, aging populations, active adults
exhibiting risky sporting activities, a predicted rise in
osteoporosis-related fractures and special and better care for
juvenile patients will sustain a need for degrading load
bearing implants for especially orthopaedic intervention. In
the case of cardiovascular interventions, where Mg also can
play an important role, the total worldwide volume is fore-
cast to be over 18.73 million in the year 2022 [3].

To date, there are several Mg-based products on the
market. The first company, which launched in 2013 a
compression screw for Halux valgus indications, was Syn-
tellix GmbH, Germany. Their product portfolio encompasses
now screws and pins of different sizes. With the Magmaris
stent, the company Biotronik, USA/Cortronik GmbH, Ger-
many, placed in early 2016 a second class of products on the
market. Asia as well is very active in implant development.
In China the approval process was started recently for a Mg
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screw with a purity of 99.99 wt% Mg. The clinical trials
with these screws treating osteonecrosis of the femoral head
(ONFH) showed very good results, however, the application
is not a load-bearing one [4]. In parallel several first-in-man
studies were performed in Korea [5]. For this study, a
Mg-5 wt%Ca-1 wt%Zn alloy was shaped into screws for the
surgical fixation of distal radius fracture. In this case, load is
applied to the implant.

Still, even though the reported human results are
impressive and show the enormous potential of Mg as a new
class of implant material, first papers also indicate that in
some rare cases the expected outcome of the procedure does
not meet the expectations [6]. The reason for this different
behaviour changing from patient to patient and from appli-
cation to application is completely unclear and reveals the
still strong need for fundamental understanding since these
processes are highly complex in a living system and suffi-
cient data describing the degradation in vivo is missing [7].

To establish biodegradable implants as a standard therapy
in medicine is inherently connected to detailed knowledge
about the interaction of degradation and its products with the
specific biological environment and about the dependence of
degradation on materials characteristics like alloy composi-
tion, impurities and microstructure. Even more, in the case
of mechanically loaded Mg-implants the effect of stress on
degradation and on cell reactions has to be elaborated.
Complete understanding of all these effects and interactions
leads to the possibility of future computational modelling
and by this designing the ideal material and geometry for a
specific implant at a specific location in the body in advance.
It is obvious that to reach this aim a holistic approach of
physical, chemical, biological and medical ground is
necessary.

Obstacle 1—The Material

Worldwide, numerous alloy compositions have been tried to
obtain an optimal material in terms of mechanical properties,
degradation behaviour, and biocompatibility [8, 9]. Fur-
thermore, probably even more processes were studied. By
combining different cast technologies with varying thermo-
mechanical treatments and post processing steps (e.g.,
extrusion, rolling, equal channel angular pressing (ECAP),
and equal channel angular rolling (ECAR)), including
powder metallurgy approaches, a plethora of materials was
produced. The focus in all attempts was on obtaining
homogeneous and well-defined microstructures, which
should lead to application-specific mechanical properties,
very good formability and machinability, and homogenous
degradation coupled with excellent biocompatibility of the
released ions. That finally materials can be obtained to be
suitable not only for animal experiments but also human

applications was mentioned already above. The general
trend goes to alloys which contain Ca and Zn because these
elements are found in the body and seem not to be critical
upon degradation [10]. Still, other alloying elements should
not be neglected as the composition of the Syntellix material
shows: They use an alloying system based on the compo-
sition MgYREZr (Mg > 90%). The implants are made by a
powder metallurgical route, leading to a homogeneous
microstructure with a grain sizes of less than 10 µm [11].

Obstacle 2—The Surface

Control of the surface properties by surface design is another
very powerful tool to either generate application-specific
degradation rates or introduce functionality such as drug
release [12, 13]. Current approaches include degradable
natural or synthetic polymers [14, 15], inorganic coatings
[16, 17], functionalisation via plasma-electrolytic or micro-
arc oxidation (PEO, MAO) [18], and superhydrophobic
coating [19], to mention only a few of them. The function-
alisation usually leads to the suppression of the initially high
degradation rates and a general improvement of cell adhe-
sion. For the superhydrophobic coating, even the stimulation
of the mineralisation activity of osteoblasts was detected.
Combining these coatings with biocompatible corrosion
inhibitors or drug release systems offers a great potential for
tissue engineering.

However, in most cases it is of interest to work directly
with the “bare” materials. Then the question comes up how
to condition the surface in a proper way that impurities but
also disturbances in the microstructure (which might accel-
erate the initial degradation rate) are removed. Several sur-
face conditioning procedures as part of the production
process are being considered. This should diminish surface
alterations due to machining, which mutates the original
material through possible potential contamination with for-
eign material and deforms the surface layer, e.g., by twin-
ning [20]. Therefore extensive studies were performed on
the effect of post-treatments such as cleaning with different
solvents and applying etching agents were performed in a
systematic and detailed manner [21, 22].

Obstacle 3—Degradation and Cytotoxicity Tests

Mg degradation in a biological corrosive environment
(in vitro and in vivo) is a very complex process [23]. Con-
sequently, the predictability of in vivo performance based on
in vitro observation is still very limited [7]. Despite the fact
that ISO or ASTM guidelines exist and consider the spe-
cialties imposed by Mg degradation, many different
approaches are chosen for in vitro degradation tests. The
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degradation solutions used range from simple salt solution,
simulated body fluid, and cell culture media towards blood.
Other conditions, such as temperature (room temperature vs
37 °C), flow, CO2 or O2 concentrations ranging from
ambient conditions to more physiological conditions, influ-
ence the degradation behaviour and thus increase again the
variety of methods and experimental conditions which can
be selected. Different techniques exist to measure the
degradation rate: hydrogen release, weight loss, and elec-
trochemical approaches which make a comparison between
materials very difficult.

If we move forward to the assessment of cytotoxicity and
biocompatibility—which is always connected to the degra-
dation of the material—most groups use single cell culture
models to study the effect of the material on cells. These
simplified cell culture tests mainly use cell lines (e.g. MG63,
Saos2, U2OS and others) which are well documented cells.
They are easy to handle and show relatively fast growth
rates. The reproducibility of the results is higher than for
patient derived cells. On the other hand they might react
more sensitive to the material [24] and, since they are usu-
ally cancer-derived immortal cells, they show not the same
gene expression profile as healthy patient derived cells [25].

Therefore, for the understanding which metabolic chan-
ges might be introduced by the degrading material primary
(= patient derived) cells are necessary. These cells show a
high patient specific and unsystematic variability in their
response to the material and have to be extracted from tissue,
which is delivered freshly from the operation theatre. Most
studies for orthopaedic applications have been performed
with osteoblasts, the cells that form new bone. But also stem
cells of different origin serve as a good model to study the
interaction of primary cells which the material. Still, to fully
understand the complex interplay between materials, cells
and tissue, co-cultures models of at least two different cells
types are needed because the communication between cells
can severely influence the acceptance of the implant mate-
rial. One of the pioneers in this field is Prof. James Kirk-
patrick who detected the expression of tissue factors during
the co-culture of endothelial cells and monocytes [26, 27].
For the understanding of the influence of a degrading
Mg-based implant, it is quite important to study the cross
talk between cells. It was shown that while in mono-culture
osteoclasts are very sensitive to Mg concentrations which
exceed 6 mM, they can survive 25 mM when incubated
together with osteoblasts [28].

The implementation of 3D scaffolds for more reliable cell
data is nowadays out of question [29, 30]. However, in most
cases these approaches are not easy to follow when
Mg-based implant materials are studied. 3D cell culture on a
metal implant is always challenging because the access to
the cells when ingrown into the material is rather limited.

Therefore, if these promising technologies are followed,
only extracts of the material can so far be studied.

Obstacle 4–The in Vivo Assessment

In vivo studies are essential to understand the behaviour of
the implant in the highly complex environment of a living
organism. Many different materials were tested worldwide,
and—as long as the degradation rate was in tolerable range—
new bone formation observed [31]. However, the underlying
mechanisms are not easy to understand [32, 33]. Further-
more, the choice of the animal model will determine a
specific outcome and the implant geometry as well as the
implantation site have to be considered [34, 35]. In addition
the temporal and spatial resolution of data obtained
throughout the degradation of the material during the life
time of the animals (not the mention in the human case) is
very limited. By multimodal imaging and blood samples a
certain idea about the behaviour of the material can be
obtained. However, due to the high radiation dosage high
resolution µCT can not be applied on a daily (or even hourly)
basis. MRI or MR spectroscopy which can give insight into
some physiological changes in the tissue around the Mg
implant still needs improvement to de-convolute artefacts
from the images [36]. Other e.g. ultrasound [37], or optical
coherence tomography [38] have a too low spatial resolution
to study the processes in the vicinity of the implant surface.
Only when the access is given to explants the full power of
analytical techniques can be applied [39]. But then, the data is
valid only for a limited number of time points. Therefore, a
massive improvement of in vivo analytical techniques—not
only for the pre-clinical studies but especially also for the
clinical application—is needed.

Scope of This Work

Despite the well documented fact that the degradation of Mg
sensitively depends on environmental conditions [40], the
influence of cells on the degradation is usually neglected.
The study of whether and how cells can actively influence
the degradation of the material by changing their metabolism
is of interest. Therefore, here the influence of human primary
osteoblast and fibroblast on the material degradation was
analysed via the examination of the elemental composition
of the degradation layer. The osteoblast cell model was
chosen for its active role in bone remodelling and its ability
to express extracellular matrix as well as mineralisation
capacity. Fibroblast, on the contrary, was selected as control
as they are part of connective tissue and should not be able to
modify the degradation layer.
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Materials and Methods

Pure magnesium (Mg; 99.95%; Magnesium Elektron,
Manchester, UK) was prepared by permanent mould gravity
casting (Helmholtz Zentrum Geesthacht, Geesthacht, Ger-
many). The ingots were then T4 treated, extruded into rods
of 1.2 cm diameter (Strangpreßzentrum Berlin, Berlin,
Germany, for extrusion parameter see [41]), and finally
machined to obtain a diameter of 1 cm. Discs of 1.5 mm
thickness were then cut and gamma sterilised with a total
dosage of 29 kGy (BBF Sterilisationsservice GmbH, Ker-
nen- Rommelshausen, Germany).

Dulbecco’s Modified Eagle’s Medium (DMEM, Life
technologies, Darmstadt, Germany) with 10% Foetal Bovine
Serum (FBS; PAA laboratories, Linz, Austria) and 1%
Penicillin/Streptomycin was used as a cell culture and
immersion media. The degradation rate of the Mg samples
without cells was determined after 14 days of immersion to
be 0.327 ± 0.002 mm/year [41]. It slightly decreased when
incubated for 14 days with osteoblasts
(0.325 ± 0.004 mm/year) while it was significantly reduced
when fibroblasts were grown for two weeks on the surface
(0.044 ± 0.021 mm/year).

To study the direct influence of cells on the degradation,
two types of cells were selected here, osteoblast (mediates
mineralisation) and fibroblast (no mineralisation). Human
primary osteoblasts (OB) were obtained from patients
undergoing hip arthroplasty (Hospital Eilbek, Hamburg,
Germany; written consent documented) with the approval of
the local ethics committee, but without passing patient data
(Ethikkommission der Ärztekammer Hamburg, Germany).
Cells of at least 5 donors (up to the third passage) were used.
Primary human osteoblasts were isolated according to the
protocol of Gallagher [42]. L929 mouse fibroblasts cell line
(Sigma-Aldrich, Taufkirchen, Germany) was used as model
for connective tissue.

Samples to be cultured with cells or without cells were
treated similarly. Mg samples were pre-incubated for 24 h
under cell culture condition (37 °C, 20%O2, 5%CO2, 95% rH)
to avoid the initial high degradation rate and to allow the for-
mation of a degradation layer suitable for further cell culture
experiment. Afterwards, 100 000 human primary osteoblasts
or L929 were seeded on the surface and allowed to adhere for
30 min. Then, medium was added to continue the immersion.
Cell culture was pursuit for up to 14 days withmedium change
every 3–4 days.

To analyse the active effect of cells on the degradation
layer, the samples were first critically dried (i.e., after a
glutaraldehyde fixation step, an alcoholic dehydration row
was performed, then samples were critical point dried in
2-propanol (Sigma-Aldrich Chemie GmbH, Munich, Ger-
many) to preserve cell morphology by a Leica EM CPD300

(Leica Mikrosysteme Vertrieb GmbH, Wetzlar, Germany).
The degradation interface was then investigated using a
Scanning Electron Microscope (Auriga microscope, Zeiss,
Oberkochen, Germany) equipped with Energy Dispersive
X-Ray Spectroscopy and a Focused Ion Beam
(SEM/EDX/FIB). Samples were then critically point dry (see
[43] for more detailed procedure) for further analysis. Cross
sections were performed on samples with cells (directly
beneath the cells) and on sample without cells (negative
control samples). Five EDX line scans were performed
to define the vertical element (carbon (C), nitrogen (N),
oxygen (O), sodium (Na), Mg, phosphorus (P), sulphur
(S) and calcium (Ca)) distribution of the degradation layer
on the cross-sections.

Results

The EDX line measurements of the degradation interface are
shown in Fig. 1. The degradation layer measured in the
presence of osteoblast is thicker than the one observed for
fibroblast (22.23 ± 0.38 and 9.59 ± 0.42 µm, respectively).
The thickness of the degradation layer without cell was about
7 µm, thickness which is also closer to the one of fibroblast
than to the osteoblasts one. Furthermore, it can be appreciated
on the SEM pictures that the osteoblasts exhibited a rather flat
surface and are well attached to the material surface. Contrary,
the fibroblasts are appearing more rounded and it can be also
observed that the cell layer has the tendency to detach during
the preparation of the specimen. At the beginning of the
line-scan (i.e., close to the A region), slight increases in S, N,
and C can be noticed, especially for osteoblasts, which can
coincide with the physical presence of cells. Except for Mg
and Ca, an enrichment of measured elements can be seen for
osteoblasts—especially for phosphorous deeper in the
degradation layer (i.e., closer to B).

Discussion

The degradation layer thickness on Mg-based materials
indicated that especially osteoblasts significantly influenced
the degradation interface without altering the degradation
rate while fibroblasts can form an effective protective layer
without changing the thickness or composition of the
degradation layer. The element quantification of sections
showed relatively higher S, P, N, O and C concentrations in
the degradation layer for sample with osteoblasts as com-
pared to specimen which were incubated without cells or
with fibroblasts. As it was shown in [41] this can mean that
osteoblasts have the potential to actively modify the degra-
dation layer with respect to the formation of Ca-P- rich
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phases as they can be found in bone. In addition, the
degradation layer thickness as well as the composition was
comparable for Mg incubated without cell and for Mg
specimen which were incubated with fibroblast. This is not
unexpected as fibroblasts will not actively influence the
degradation layer to form anorganic “bone-like” matrix as
osteoblasts do. However, when properly attached to the
surface they passively form “protective” cell layer to reduce
the degradation.

Conclusions

It was shown that bone forming osteoblasts grown on
Mg-based materials changed the degradation the composi-
tion of the forming corrosion layer next to and underneath
the cell [41] while fibroblast do not metabolise the material.

This is the first direct proof that bone forming cells can
actively modify the implant degradation and synthesize Ca-P
—like inorganic compounds.
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Study on Mg–Si–Sr Ternary Alloys
for Biomedical Applications

Omer Van der Biest, Andrea Gil-Santos, Norbert Hort,
Rainer Schmid-Fetzer, and Nele Moelans

Abstract
The Mg rich corner of the ternary Mg–Si–Sr alloy system
is experimentally and thermodynamically investigated in
this work. Thermodynamic simulation of the ternary
phase diagram required modelling of the ternary phases
that occur in these alloys, namely the ternary inter-
metallics MgSiSr and MgSi2Sr for which only scarce
information is available in literature. The Mg-rich side of
the Mg–Si–Sr phase diagram is constructed based on
descriptions of the binary phase diagrams Mg–Si, Mg–Ca
and Ca–Si from literature and assuming complete solu-
bility (i.e. a line compound) between the ternary phase
MgSiSr and the binary phase Sr2Si. It is also assumed that
MgSi2Sr is a stoichiometric compound. A good agree-
ment is found between the constructed phase diagram and
the experimental microstructural results for a range of cast
and heat treated alloys.

Keywords
Magnesium alloys � Intermetallics � Thermodynamic
modelling � Phase diagrams � Microstructure
Scanning electron microscopy � SEM

Introduction

The potential of Mg rich alloys as resorbable materials for
biomedical implants has been widely investigated in the last
decade [1–3]. Alloying magnesium appears to be necessary
in order to improve its mechanical properties, degradation
behavior or processing aspects. In our approach to select
suitable alloying elements we have chosen only those ele-
ments which are already in the human body in order to
minimize the occurrence of short term or long term toxic
effects. Also we have considered favorable influences the
alloying elements may have on the functioning of the
implant in particular for orthopedic and related applications.
For the present work we selected silicon and strontium as
alloying elements. Si is known to contribute to the growth
and development of bone and connective tissue [4] and Sr
addition enhances new bone formation and increases bone
quality around the implant [5, 6]. From the biological point
of view, it is favorable that the implant material induces
new bone formation, showing a good biocompatibility
between the implant and the tissue [7, 8]. This biocompati-
bility has been observed for Sr or Si in previous in vivo
studies [4, 9–11].

When developing a new alloy system like is the case here
for Mg–Si–Sr, the knowledge of the phase diagram as
function of temperature is a prerequisite to select suitable
compositions. Unfortunately, the published information on
the Mg–Si–Sr ternary system is scarce and it does not
include any thermodynamic data. The available information
collected from literature refers to the existence of some
ternary compounds, related sometimes with respect to their
physical properties [12]. Five different compounds have
been recognized within the Mg–Si–Sr system, they are:
MgSiSr [13], MgSiSr2, Mg2Si10Sr11 [14], Mg2Si20Sr13 [15]
and Mg16.6Si13Sr6.3 [16]. However, only the crystal structure
of these ternary compounds is known. Further information
on the ternary Mg–Si–Sr system is absent.
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In this work, the phase equilibria of the two ternary
phases MgSiSr and MgSi2Sr located in the Mg rich corner
region are experimentally identified. Then a thermodynamic
description of the 2 ternary phases MgSiSr and MgSi2Sr is
proposed and used to generate a ternary database describing
the Mg-rich side of the Mg–Si–Sr system. The calculated
phase equilibria obtained with this database are compared
with the experimental observations.

Thermodynamic Calculations

In the works of Eisenman et al. and Currao et al. [13, 14], it
is found that the ternary compounds MgSiSr and MgSi2Sr
have both an orthorhombic crystal structure with Pnma-62
space group. Considering the chemical similarities between
Ca and Sr we can assume that the Mg–Si–Sr phase diagram
has similarities with the Mg–Si–Ca. Also Si and Sn belong
to the same group IV in Mendeleev’s table, and so we can
expect similarities between the Mg–Si–Sr and Mg–Sn–Sr
phase diagrams. Also the structure of the ternary MgSiSr
phase is similar to the crystal structure of the MgSiCa
compound reported in the Mg–Si–Ca system [17] and to the
MgSnSr compound reported in the Mg–Sn–Sr system [18].

Since the MgSiSr and the SiSr2 phase have the same
crystal structure as well, it is assumed in this work that there
is complete solubility between both compounds i.e. they
form a line compound in the phase diagram. This assump-
tion was also based on the observation that MgCaSi and
SiCa2 exhibit the same crystal structure and show full sol-
ubility in the Mg–Ca–Si and the same for MgSrSn and SnSr2
in the Mg–Sr–Sn system. For the other ternary compound,
MgSi2Sr, a stoichiometric description was selected similar to
that used for MgSi2Ca in reference [17]. The thermodynamic
parameters chosen for the two ternary phases are given in
Table 1.

With these descriptions for the ternary phases and using
the most recently published thermodynamic descriptions of
the three binaries Mg–Si, Mg–Sr and Si–Sr, a thermody-
namic database for Mg–Si–Sr was composed and the
Mg-rich side of the ternary diagram at 300 °C was calculated
(Fig. 1). The binary descriptions with their thermodynamic
parameters and models used in this work are taken from the
assessments published by respectively, Schick et al., Zhong
et al. and Garay et al. [19–21]. The Gibbs energies of pure

Mg, Si and Sr are taken from the Scientific Group Ther-
modata Europe (SGTE) pure element database [22]. The
programs Thermo-Calc 4.0 and Pandat were used to generate
the database and for the phase diagram calculation.

Figure 1 shows the isothermal section calculated for
300 °C. Three regions can be discerned with different phase
constitution. They are defined by the at.%Si:at.%Sr ratio.
A combination of Mg, M17 and M121 is expected for the Sr
rich alloys (at.%Si:at.%Sr <1). For the case of the Si rich
alloys (at.%Si:at.%Sr >2), Mg, M2 and M111 are predicted.
For the alloys with a at.%Si:at.%Sr ratio closer to 1.5 (1< at.
%Si:at.%Sr <2), the expected phases are the two ternary
compounds M111 and M121 together with the Mg matrix.

In order to facilitate the analysis the intermetallic names
were shortened to a few characters, as listed in Table 2.

Materials and Methods

The Mg–Si–Sr alloys were processed by permanent mold
gravity casting at Magnesium Innovation Centre MagIC
(Geesthacht, Germany). Cylinders of 1.8 cm diameter and
20 cm length were cast. Raw materials consisted of Mg
ingots (99.9%), Si granulates (<6 mm, 99.9% purity from
Chempur) and Sr chips (3–12 mm, 99.9% purity from Alfa
Aesar packaged in high purity mineral oil). An electrical
resistance furnace under a protective atmosphere of Ar and 2
vol.% SF6 was used to melt the alloys. Initially, solid Mg
was molten by heating it up to 700 °C. When molten, the
pre-heated Si granulates at 400 °C were added and the
mixture was stirred with a steel paddle every 5 min to
improve the homogeneity. The mixture was maintained at
700 °C during 20 min in order to favor the solution of Si.
Then preheated Sr chips at 400 °C were added after which
an exothermic reaction occurred. The furnace is then swit-
ched off and the temperature of the melt increased to the
range of 750–850 °C. The mixture was stirred and oxide
products formed on top of the melt were removed. When the
temperature of the melt was cooled down to 700 °C the
molten alloy was poured into a steel die preheated at 400 °C
during 45 min. Hexagonal BN was used as a mold release
agent. After two minutes, the die was opened and the alloys
were cooled down to room temperature (RT) by air cooling.

Because by casting the alloys do not reach their equi-
librium phase content, cast alloys were heat treated under

Table 1 Thermodynamic parameters used in this work, together with the descriptions of the binaries of Schick et al., Zhong et al. and Garay et al.
[19–21], to describe the Mg-rich side of the Mg–Si–Sr ternary system

Phase Parameters Reference

Sr2Si (Mg, Sr)(Si)(Sr) G0; Sr2Si
Mg;Sr:Si:Sr ¼ 2G0; fcc

Sr þG0; diamond
Si � 122329:65þ 5:48T Garay et al. [21]

MgSiSr (Mg, Sr)(Si)(Sr) G0;MgSrSi
Mg;Sr:Si:Sr ¼ G0; hcp

Mg þG0; fcc
Sr þG0; diamond

Si � 180000þ 50T This work

MgSi2Sr (Mg)(Si)2(Sr) G0;MgSi2Sr
Mg:Sr:Si ¼ G0; hcp

Mg þG0; fcc
Sr þ 2G0; diamond

Si � 233827 This work
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argon atmosphere, followed by quenching in water at room
temperature. A first heat treatment (HT1) was done during
48 h at 500 °C and then a second one (HT2) during longer
time (240 h) and higher temperature (550 °C) was also
applied to fully equilibrate the samples. Previous works
involving Mg-rich intermetallic stability have been con-
sulted to decide on the length of the anneal to attain equi-
librium. For instance Mg–Sn alloys have been described as
fully homogenized after 96 h at 320 °C [23]; complete dis-
solution of Mg2Si has been observed after 45 min at 525 °C
[24] and good agreement with equilibrium calculations have
been found for Mg–Ca–Zn alloys after a total of 147 h at
different temperatures [25]. The longest HT of 240 h was
found in the work of Nie and Muddle [26] were the thermal
stability of compounds in Mg–Ca alloys was studied after
heat treatments from 8 up to 240 h.

Disk shaped specimens for microstructural characteriza-
tion were cut with 2 mm height and 18 mm diameter from
the center of the 20 cm long cast specimens. These disk
samples were then ground with silicon carbide emery papers

by wet grinding from 800 down to 2500 grit size and later
polished with water-free colloidal silica suspension (0.2 µm
particle size). The etching agent used was picric acid based,
containing 10 mL of acetic acid, 4.2 g of picric acid, 20 mL
H2O and 50 mL ethanol and the etching time was between 5
and 10 s. In the cases where grains were not revealed after
etching and under polarized light, the use of electron back
scattered diffraction (EBSD) was needed in order to differ-
entiate the grains. The average grain size was measured by
Image-Pro Plus 6.0 image software (Media Cybernetics Inc.,
Rockville, USA) from optical microscope images of the
etched surfaces. The linear intercept method according to
ASTM: E112-13 (2013) was used.

The microstructure was analyzed using an optical
microscope and a Philips XL30 FEI scanning electron
microscope (SEM) equipped with an EDAX TSL energy
dispersive X-ray spectroscopy (EDS) detector. Backscatter
electron (BSE) mode was used for the phase identification.
Due to the small size of the intermetallic phases an excess of
Mg coming from the bulk is measured when identifying the

Fig. 1 Calculated isothermal
section at 300 °C from the Mg–
Si–Sr system including the
identification of the regions in the
Mg rich corner, using the
database developed in this work

Table 2 Correspondence
between intermetallic compound
names and their identification
used in this work

Intermetallic compound Name

Mg17Sr2 M17

Mg2Si M2

MgSiSr M111

MgSi2Sr M121
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compound’s stoichiometry. The inflated Mg values are
caused by the interaction volume reached during EDS
analysis. For this reason the ratio at.%Si:at.%Sr was con-
sidered as more reliable than the Mg percentage values. For
the very small intermetallic particles (smaller than 1 µm)
field emission electron probe micro-analyzer (EPMA),
FEG EPMA JXA-5830F was used for detailed chemical
analysis. The size of the intermetallic phases was measured
by image analysis of the micrographs using Image-J soft-
ware and the average values are presented in this paper.
Phase identification was further assisted by XRD analysis
which was carried out on a XRD Seifert 3003-TT. Cu-Ka
radiation was used at 40 kV and 40 mA, from 20° to 80°
with a 0.02 step size and a measurement time of 2 s per
step. The phase identification was performed by comparison
with the JCPDS cards included in the Pearson database. The
used cards for Mg, Mg2Si, Mg17Sr2, MgSiSr and MgSi2Sr
are identified with the numbers 00-035-0821, 00-035-0773,
03-065-3649, 01-089-1920 and 01-087-0897. Due to the low
amount of compounds compared to the Mg matrix some of
the peaks are covered by the Mg ones which are always the
dominating peaks. Nevertheless, characteristic peaks for the
different intermetallic phases could be identified in the XRD
patterns.

Image analysis was carried out on SEM micrographs to
measure the volume fraction of each phase using Image-J
software (version 1.47v, Wayne Rasband). The different
phases were identified based on their diverse shapes and
atomic number contrast provided by the back scatter electron
(BSE) mode. Several micrographs were used for every
sample to estimate the average volume fraction of each
phase.

Results

As Cast Condition

The compositions of the cast alloys (A to L) are given in
Table 3 together with the phase identification in the as-cast
condition. From the experimental data (SEM-EDS, EPMA
and XRD) four sets of co-existing phases have been found
within the studied composition range: Mg+M17+M111, Mg
+M17+M111+M121, Mg+M121 and Mg+M17+M121. The
identification of the four different intermetallic phases based
on SEM-EDS analysis is presented in Fig. 2. Compositions
obtained from SEM-EDX and EPMA are summarized in
Table 4. The microstructure and the related XRD pattern of
one representative sample from each set are discussed fur-
ther. The rest of the samples in each set show similar
structures as those presented. As an exception, samples C
and F belonging to the same set are presented because they
show different phases after equilibration.

The interaction volume measured during EDS analysis
has been estimated by using electron flight simulator soft-
ware (version 3.1E http://www.2spi.com) based on Monte
Carlo simulations as a function of the energy applied and the
selected elements. Based on these simulations the reliability
of the phase composition was reduced in cases where the
size of the intermetallic compounds was small. This happens
for cases where the MgSiSr and MgSi2Sr particle size is
smaller than 1 µm, which can be deduced from the calcu-
lations presented in Fig. 3. In the simulations a particle
thickness of 1 µm is represented by the white band; the Mg
bulk underneath is represented in grey. The electron trajec-
tory is shown dark and represents the real volume from

Table 3 List of the studied
alloys with their phase
identification in the as-cast
condition. Bold phases indicate
the primary phase as expected
from the calculated phase
diagram

Name Composition at.% Phase identification as-cast Si/Sr ratio

Si Sr

A 0.68 4.80 Mg+M17+M111 0.14

B 0.63 3.09 Mg+M17+M111+M121 0.20

C 1.20 3.75 0.32

D 1.41 2.65 0.53

E 2.50 1.62 1.54

F 0.33 0.14 2.36a

G 0.12 0.02 Mg+M121 6.00a

H 0.41 0.07 Mg+M2+M121 5.86a

I 5.31 0.96 5.53

J 4.60 0.82 5.61

K 3.40 0.75 4.53

L 3.17 0.90 3.52
aIn alloys F, G and H the concentration of Sr is below the reliable detection limit. The amount of Sr is
expected to be higher than the measured value. The presented values are based on extrapolated points from
the standard ICP curves since interpolation was not possible for amounts smaller than 0.5 at.% Sr
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which the element analysis is coming. Due to the fact that
the interaction volume is twice the thickness in case of
MgSi2Sr particles (2.00 µm vs. 1.00 µm from Fig. 3b) and
even bigger (2.50 µm vs. 1.00 µm from Fig. 3a) in case of
MgSiSr an inflated Mg value is indeed expected for the

measurements. In these cases the phase size may be much
smaller than the interaction volume, making the results of
the element analysis coming partially from the bulk instead
of from the selected particle. Then, more accurate extra
measurements with EPMA-WDS were done for detailed

Fig. 2 EDX spectra of the intermetallic phases in SEM at 10 keV a Mg17Sr2 b Mg2Si c MgSiSr and d MgSi2Sr

Table 4 Representative identification of the intermetallic phases in the different conditions based on the element quantification SEM-EDS
analysis. One sample from each different phase combination is presented

Alloy Phase Condition Elements (at.%) Ratio (at.%)
Si:Sr

Alloy Phase Condition Elements (at.%) Ratio (at.%)
Si:SrMg Si Sr Mg Si Sr

A M111 As Cast 54.7 21.13 23.02 0.92 F M111 As Cast 74.76 13.82 14.38 0.96

HT1 40.92 33.13 25.83 1.28 HT1 46.85 29.95 23.23 1.29

HT2 46.68 26.07 25.23 1.03 HT2 36.80* 32.59* 29.1* 1.12*

M17 As Cast 94.13 0.01 5.87 – M121 As Cast 59.68 26.54 13.77 1.93

HT1 91.32 0.70 7.98 – HT1 56.33 13.01 12.62 1.03

HT2 90.05 0.56 9.39 – HT2 68.90 21.46 9.64 2.23

C M111 As Cast 51.56 23.17 25.27 0.92 M17 As Cast 88.97 0.15 9.92 –

HT1 47.75 28.23 24.02 1.18 G M121 As Cast 87.38 8.24 4.38 1.88

HT2 36.65 32.60 27.63 1.18 HT1 52.63* 34.5* 12.79* 2.70*

M121 As Cast 52.81 31.47 14.99 2.10 HT2 93.38 4.71 1.90 2.48

HT1 55.50 27.95 16.61 1.68 K M121 As Cast 57.68 30.25 12.07 2.51

M17 As Cast 91.56 0.01 8.44 – HT1 55.89 31.04 13.05 2.38

HT1 91.51 0.40 8.09 – HT2 53.79 32.42 13.79 2.35

HT2 91.57 0.67 7.76 – M2 As Cast 67.08 30.79 2.13 –

Mg matrix As Cast 99.75 0.15 0.09 – HT1 80.36 18.84 0.80 –

HT1 99.69 0.17 0.13 – HT2 69.83 29.73 0.44 –

*These values were obtained based on EPMA-WDS measurements
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chemical analysis of the particles. The results are also pre-
sented in Table 4 indicated with a star. The Si and Sr content
have been also measured within the Mg matrix and average
values are presented in as-cast and after HT1 conditions.

Figure 4 shows phase identification in alloy A. Both the
SEM data and the XRD pattern (not shown) clearly show the
presence of the two intermetallic phases M17 and M111.
The binary eutectic with M17 as continuous phase and the
dark grey Mg as distributed phase, is dominating the mi-
crostructure in the as-cast condition. The ternary M111
appears in a needle like shape with a brighter white tone.
Size and thickness of the M111 particles vary from 5 to
20 µm lengths and from 0.2 to 1 µm thickness. M111
appears surrounded by the eutectic indicating its earlier
formation.

In alloy C, the ternary phases M111 and M121 and the
binary phase M17 were identified from both SEM micro-
graphs (Fig. 5) and XRD. The binary eutectic (M17 + Mg)
is present on the whole surface with an aligned disposition
and pure Mg is visible as dark islands in between. The
ternary M111 appears with the same morphology as it does
in alloy A (Fig. 5a), in a white needle like shape. The size of
the M111 particles ranges from 5 to 20 µm lengths with
about 2 µm thickness. M121 particles have a darker grey
tone and they show angular edges. M121 presents in general

a coarser hexagonal polygonal shape with sizes from 10 to
50 µm in both length and thickness and usually angled holes
in the central part. Also the M121 particles are enclosed by
the eutectic indicating its earlier formation during solidifi-
cation for this alloy.

For alloy F, the same phases as in alloy C are present but
in a much lower amount and with a smaller size, as can be
observed in the micrographs in Fig. 6a, b. In this case M121
is the primary phase as it took the Si and Sr from the liquid
when growing, leaving regions rich in Mg behind which
surround the polygonal ternary particles. M111 particles
have a smaller size than in previous alloys due to the smaller
amount of alloying elements in alloy F compared with A
and C.

The microstructure of alloy G shows that Mg is the first
phase that solidified with a dendritic morphology and that an
intermetallic phase crystallized in the interdendritic spaces.
This phase has been identified as the ternary M121 phase
(Fig. 7). It is present as small dot shaped particles with a
bright white color. Possibly these particles are the product of
a eutectic reaction at the end of the solidification. In this case
the identification of the intermetallic phase in the XRD
pattern (Fig. 8b) is not evident since the amount of the M121
is minor compared with the pure Mg. The characteristic
peaks are overlapping with the Mg ones or vanish in the

Fig. 3 Interaction volume
simulations of 1 µm thickness
particles of a MgSi2Sr (M121)
and b MgSiSr (M111) in Mg
matrix under 10 keV accelerating
voltage

M111

M17

AS CAST

Fig. 4 Identification of the intermetallic phases M17 and M111 in
alloy A (Mg 0.68Si 4.80Sr)

M121 

M111
M17

AS CAST

Fig. 5 Identification of the secondary phases M17, M111 and M121 in
alloy C (Mg 1.41Si 2.65Sr) in a BSE SEM micrograph
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background although one characteristic peak of the phase is
prominent.

In alloy K the binary phase formed is M2 having a light
grey color in the SEM micrograph shown in Fig. 8. Two
typical morphologies of this phase that have been previously
described, among others by Hu et al. [27], are observed.
Those morphologies are the coarse polygonal particles and
the rod-like shaped eutectic ones. The latter is smaller in size
and more homogeneously distributed in the microstructure.
M121 also exists in this alloy appearing bright white in the

micrographs due to the Sr content. The shape of this ternary
varies from close to polygonal to irregular. Both inter-
metallics have been identified in the XRD pattern as well.

After Heat Treatment

A first heat treatment (HT1, 48 h at 500 °C) was carried out
in an attempt to equilibrate the phase composition. In order
to make sure that an equilibrium phase content was reached
alloys were also heat treated at 550 °C for 240 h (HT2). As
argued in Sect. 2 these temperatures and times are similar to
those used to equilibrate other magnesium based alloys
systems. The results are summarized in Table 5.

The identification of the phases with SEM-EDS analysis
and from the XRD patterns for the alloys after HT1 and HT2
is discussed and compared with the as-cast condition in the
following.

In alloy A, the same phases M17 and M111 as in the
as-cast condition are identified from the micrographs
(Figs. 9b, c) and XRD peaks (Fig. 9a). The binary eutectic
has been drastically reduced and presents a more globular
form instead of the lamellar one present immediately after

M121
M111

(a)

M17

M111

(b)AS CAST

Fig. 6 Identification of the intermetallic phases in alloy F (Mg 0.33Si 0.14Sr) a BSE SEM micrograph with M111 and M121, b BSE SEM
micrograph with M17 and M111

M121

(a) (b)
AS CAST

Fig. 7 Identification of the ternary phase M121 in sample G (Mg 0.12Si 0.02Sr) from a its XRD pattern and b BSE SEM micrograph

AS CAST

Eutec c
M2

M121 

Coarse 
M2

Fig. 8 Identification of the secondary phases M2 and M121 in alloy K
(Mg 3.40Si 0.75Sr) in a BSE SEM micrograph
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casting before the equilibration (Fig. 4). It shows how the
system strives for equilibrium not only with respect to phase
content but also with respect to the interfacial energies. The
intensity of the M17 peaks is gradually reduced when
increasing temperature and duration of HT, indicating a
reduction in the amount of this phase from the as-cast to the
equilibrium condition. The amount of pure Mg has increased
and the amount of ternary M111 appears to be only slightly

reduced. The M111 particles are more homogeneous in size,
with an average of 15 µm length and 1 µm thickness.
Finally, the ternary M111 phase together with the M17 are
the stable ones for this alloy composition.

In alloy C, three intermetallic phases together with the
Mg matrix were identified in the as-cast condition (Fig. 10).
When HT1 is applied, the M121 phase seems to lose the
well-defined polygonal shape and starts dissolving (Fig. 10a).
In fact after HT2, the M121 does no longer exist (Fig. 10b).
The amount of binary M17 is reduced but the phase is still
present after the HT2. Similar for the M111 particles, their
size (max 10 µm length and 1 µm thickness) and number
are reduced from to the as-cast condition but they are still
present after HT2. From these observations and assuming
the alloy has reached its equilibrium state after 240 h
annealing at 550 °C, we can conclude that, in equilibrium
state the alloy contains apart from the Mg phase, the M17
and M111 phases.

Alloy F presents a similar situation to alloy C, where
from the four phases observed in the as-cast condition
(Fig. 6) only three remain after HT1 and HT2. The binary
M17 phase has dissolved and disappeared after the HT1 and
HT2 (Fig. 11a, b). The two ternary phases and pure Mg
form the equilibrium phase combination.

In alloy G the amount of ternary M121 phase is reduced
with increasing time and temperature of the heat treatment as
can be observed when comparing the Fig. 12a after HT1 and
Fig. 12b after HT2 with Fig. 7b of the as-cast alloy. Particle
size and shape are similar as in the as-cast condition. Also
from the XRD pattern the intermetallic particles are still
identified with the Mg matrix after equilibration.

Table 5 List of the studied alloys with their phase identification in the equilibrated condition

Name Composition at.% Phase identification in equilibrium conditions Si/Sr ratio

Si Sr

A 0.68 4.80 Mg+M17+M111 0.14

B 0.63 3.09 0.20

C 1.20 3.75 0.32

D 1.41 2.65 0.53

E 2.50 1.62 Mg+M111+M121 1.54

F 0.33 0.14 2.36a

G 0.12 0.02 Mg+M121 6.00a

H 0.41 0.07 Mg+M2+M121 5.86a

I 5.31 0.96 5.53

J 4.60 0.82 5.61

K 3.40 0.75 4.53

L 3.17 0.90 3.52
aIn alloys F, G and H the concentration of Sr is below the reliable detection limit. The amount of Sr is expected to be higher than the measured
value. The presented values are based on extrapolated points from the standard ICP curves since interpolation was not possible for amounts smaller
than 0.5 at.% Sr

500C/48
h 

M111

M17

Mg 550C/240h

M17

Mg

M111

(b) (c)

(a)

Fig. 9 a XRD pattern of alloy A with the identified phases in as-cast
condition and after the two HT. b BSE SEM micrograph with labelled
phases of the alloy A after HT1 and (c) after HT2
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In alloy K, the same phases are present before and after
the heat treatments. The microstructures can be compared in
Figs. 8 and 13. The number and size of M2 phase particles,
appearing in light grey in Fig. 13a, b, is reduced, but the
phase remains present in the equilibrium microstructure.
When analyzing the XRD patterns (Fig. 13c), the reduction
in peak intensity is linked with the M2 phase, which has
partially dissolved after HT. The ternary M121 did not
undergo significant modifications in size or shape from the
as-cast condition after equilibration, but some gradation in
color is observed inside the particles (Fig. 13a, b). A brighter
region can be distinguished in the central part of the M121
particle while the external part is darker. The external darker
area is richer in Si showing a difference in composition from
the center to the edges. When comparing the microstructure
with the as-cast condition (Fig. 8) brighter and darker areas
are also observed there. Hence some segregation within this
phase took place either during solidification when the

crystals formed from the liquid or afterwards during cooling.
The heat treatments have further accentuated this
segregation.

Discussion

When comparing Tables 3 and 5, a difference in the phases
present is observed between the equilibrium and as-cast
alloys. This difference indicates that the as-cast alloys are not
always in equilibrium. This can be concluded as well from
the coexistence of four phases observed in the as-cast alloys
B to F. More than three different phases in a ternary system
indicates a non-equilibrium structure as it violates Gibbs
phase rule.

After the heat treatments a change in microstructure has
been observed for some of the studied alloys (B–F). The
equilibrated microstructures show that the M111 and M17

(a) (b)Fig. 10 BSE SEM micrograph
with labelled phases of the alloy
C a after HT1 and b after HT2

(a) (b)Fig. 11 BSE SEM micrograph
with labelled phases of alloy F
a after HT1 and b after HT2.
XRD pattern of alloy F showing
the phase identification after the
two HT

500C/48h

M121

550C/240h

M121

(a) (b)Fig. 12 BSE SEM micrograph
with labelled phases of the sample
G a after HT1 and b after HT2
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phases present in the as-cast condition were sometimes
unstable, and therefore dissolved during equilibration. In
alloys B, C and D the disappearing phase was the ternary
M111 while in alloys E and F it was the binary M17. Finally,
in all equilibrated alloys a maximum of 3 phases coexists
together, in agreement with Gibbs phase rule applied to a
system with 3 elements. For all samples, the phase combi-
nation present at equilibrium is presented in Table 5.

The sets of coexisting phases in equilibrium can be
related with the experimental ratio at.%Si:at.%Sr and the
results are presented in Table 5. We can distinguish four
different regions, namely Mg+M17+M111 when the ratio at.
%Si:at.%Sr is below 1, Mg+M111+M121 when the ratio is
between 1 and 2.5, Mg+M2+M121 when the ratio is
between 3 and 6 and Mg+M121 for the highest Si content.

The experimentally obtained phase regions after equilib-
rium (from Table 5) can be compared with the predicted
ones in the ternary diagram at 550 °C (Fig. 14) in order to
validate the generated database. This phase diagram was
calculated using the thermodynamic description established
in this work. Figure 14 shows a zoom of the Mg-rich corner
of the ternary diagram up to 6 at.% in both Sr and Si at 550 °C
and it shows the compositions of the studied alloys
as well.

From Fig. 14 the relation established between the com-
bination of coexisting equilibrium phases and the ratio at.%
Si:at.%Sr obtained from the theoretical phase diagram cal-
culation agrees well with the experimentally observed pha-
ses in equilibrium. Both the calculations shown in Fig. 14

and the heat treatment are done at 550 °C. It has to be taken
into account that the at.%Si:at.%Sr ratio in alloys F, G and H
were somewhat increased with respect to their EDS analyses
due to the low Sr amount detected in the ICP measurements.

It can be read from the diagram that the region with Mg
+M17+M111 is present when the ratio at.%Si:at.%Sr is
below 1; the region with Mg+M111+M121 is present when
the at.%Si:at.%Sr ratio is between 1 and 2; the one with Mg
+M121 when the ratio is exactly 2 and the region with Mg
+M2+M121 when the ratio is higher than 2. This good
agreement between the theoretically predicted and the
experimentally obtained phase regions indicates the sound-
ness of the suggested phase diagram and the underlying
assumptions. This can be considered as a good starting point
for the full assessment of the ternary Mg–Si–Sr system.

Conclusions

The presence of the two ternary compounds MgSiSr and
MgSi2Sr in the Mg–Si–Sr system has been identified by mi-
crostructure characterization. These two ternary compounds
together with the binaries Mg17Sr2 and Mg2Si make the four
phases that cover the possible existing intermetallic combi-
nations in the Mg rich corner of the Mg–Si–Sr alloy system.

The stability of the four intermetallic phases MgSiSr,
MgSi2Sr, Mg17Sr2 and Mg2Si has been investigated based
on their evolution with temperature. For this purpose sam-
ple’s microstructures have been analyzed including phase
identification and morphology study in as-cast condition and
at 500 and 550 °C after the sample’s exposure to heat
treatments at these temperatures. A comparison between
as-cast condition and equilibrium condition was possible
after the heat treatments.

500C/48h 

M2 

M121 

550C/240h 

M2  

M121 
(a) (b)

(c)

Fig. 13 BSE SEM micrograph with labelled phases of the alloy K
a after HT1 and b after HT2. c XRD pattern of alloy K showing the
phase identification in the as-cast condition and after the two HT

Fig. 14 Distribution of the studied alloys (A–L) in the Mg rich corner
at 550 °C of the ternary phase diagram within the different phase
regions. The phase boundaries were calculated using the database
developed in this work
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For the MgSi2Sr ternary compound it is found to be
present in most of the as-cast specimens. It is only not
present when the alloys atomic Si/Sr ratio is lower than 0.14.
Nevertheless, it turned out to be a metastable phase for
compositions with an atomic Si/Sr ratio below 1; the
MgSi2Sr ternary phase disappears during annealing for these
compositions. In the rest of the cases, where the alloy’s
atomic Si/Sr ratio is higher than 1, the MgSi2Sr is an equi-
librium phase and after some reduction in size and volume
fraction it remains stable at both 500 and 550 °C.

A similar behavior than for the MgSi2Sr is observed for
the binary Mg17Sr2 phase. It shows a tendency to disappear
or decrease its amount after equilibration compared to the
as-cast condition. The Mg17Sr2 phase is present in all the
as-cast alloys with atomic Si/Sr ratio lower than 2.5 but it
dissolves during heat treatment except for the alloy com-
positions with atomic Si/Sr ratio lower than 1. For these
compositions where the eutectic Mg17Sr2 is not disappearing
but stays in equilibrium it shows a change from lamellar
structure to a globular one indicating how the system strives
for equilibrium not only with respect to phase content but
also with respect to the interfacial energies.

The ternary MgSiSr and the binary Mg2Si which are
present in the as-cast specimens with an atomic Si/Sr ratio
below 2 and above 2 respectively, they both remain in the
equilibrium microstructures. They do not present modifica-
tions with heat treatments, showing their stability not only at
300 °C but also at high temperatures of 500 and 550 °C.

The expected combination of phases in equilibrium can
be predetermined based on the at.%Si:at.%Sr ratio. A good
agreement was found when comparing the experimental
phases in the equilibrated alloys with the calculated
isothermal section of the phase diagram at 550 °C (consid-
ered as equilibrium). It can be concluded that the hypothesis
that both ternary systems Mg–Ca–Si and Mg–Sn–Sr could
be used as a guide for the thermodynamic description of the
two ternary compounds in the Mg–Si–Sr system is realistic.
It is assumed here that the MgSi2Sr can be described as a
stoichiometric compound. Also it is assumed that there is be
a complete solubility between MgSiSr and SiSr2. These
hypotheses could be investigated in more detail.

The biodegradation performance of alloys within the Mg–
Sr–Si system has recently been reported [28].

Acknowledgements The research was supported by the PEOPLE
program (Marie Sklodowska-Curie Action) of the EU FP7 Program
FP7/ 2007-2013/ under REA grant agreement N289163.

References

1. Witte, F., A. Eliezer, and S. Cohen. The history, challenges and
the future of biodegradable metal implants. in Advanced Materials
Research. 2010. Trans Tech Publ.

2. Kirkland, N., et al., A survey of bio-corrosion rates of magnesium
alloys. Corrosion Science, 2010. 52(2): p. 287–291.

3. Xin, Y., T. Hu, and P. Chu, In vitro studies of biomedical
magnesium alloys in a simulated physiological environment: a
review. Acta biomaterialia, 2011. 7(4): p. 1452–1459.

4. Zhang, E., et al., Microstructure, mechanical properties and
bio-corrosion properties of Mg–Si(–Ca, Zn) alloy for biomedical
application. Acta biomaterialia, 2010. 6(5): p. 1756–1762.

5. Tie, D., et al., An in vivo study on the metabolism and osteogenic
activity of bioabsorbable Mg–1Sr alloy. Acta biomaterialia, 2016.
29: p. 455–467.

6. Suganthi, R.V., et al., Fibrous growth of strontium substituted
hydroxyapatite and its drug release. Materials Science and
Engineering: C, 2011. 31(3): p. 593–599.

7. P.A. Revell, E.D., X.S. Zhang, P. Evans, C.R. Howlett, The Effect
of Magnesium Ions on Bone Bonding to Hydroxyapatite Coating
on Titanium Alloy Implants. Key Eng. Mater., 2004. 254(2):
p. 447–450.

8. Zreiqat, H., et al., Mechanisms of magnesium-stimulated adhesion
of osteoblastic cells to commonly used orthopedic implants.
Journal of Biomedical Materials Research, 2002. 62(2):
p. 175–184.

9. Tie, D., et al., Antibacterial biodegradable Mg-Ag alloys. Euro-
pean cells & materials, 2012. 25: p. 284–98; discussion 298.

10. Bornapour, M., et al., Biocompatibility and biodegradability of
Mg–Sr alloys: The formation of Sr-substituted hydroxyapatite.
Acta biomaterialia, 2013. 9(2): p. 5319–5330.

11. Dahl, S.G., et al., Incorporation and distribution of strontium in
bone. Bone, 2001. 28(4): p. 446–453.

12. Bennett, J.W., et al., Orthorhombic A B C Semiconductors as
Antiferroelectrics. Physical Review Letters, 2013. 110(1):
p. 017603.

13. B. Eisenmann, H.S., A. Weiss, Z. Anorg. Allg. Chem. (1972). 391:
p. 241–264.

14. Currao, A., Curda, J., Nesper, R., Z. Anorg. Allg. Chem., 1996.
622 p. 85–94.

15. Nesper, R., Currao, A., Angew. Chem., Int. Ed., 37, 1998. 841.
16. Nesper, R., Wengert, S., Zuercher, F., Currao, A., Chem. Eur. J.,

1999. 5: p. 3382.
17. Gröbner, J., I. Chumak, and R. Schmid-Fetzer, Experimental study

of ternary Ca–Mg–Si phase equilibria and thermodynamic
assessment of Ca–Si and Ca–Mg–Si systems. Intermetallics,
2003. 11(10): p. 1065–1074.

18. Zhou, B.-C., S.-L. Shang, and Z.-K. Liu, First-principles calcu-
lations and thermodynamic modeling of the Sn–Sr and Mg–Sn–Sr
systems. Calphad, 2014. 46: p. 237–248.

19. Schick, M., et al., Combined ab initio, experimental, and
CALPHAD approach for an improved thermodynamic evaluation
of the Mg–Si system. Calphad, 2012. 37: p. 77–86.

20. Zhong, Y., et al., Thermodynamics modeling of the Mg–Sr and
Ca–Mg–Sr systems. Journal of Alloys and Compounds, 2006. 421
(1–2): p. 172–178.

21. Garay, A., et al., Thermodynamic modeling of the Si–Sr system.
Calphad, 2009. 33(3): p. 550–556.

22. Dinsdale, A.T., SGTE data for pure elements. Calphad, 1991. 15
(4): p. 317–425.

Study on Mg–Si–Sr Ternary Alloys for Biomedical Applications 423



23. Avraham, S., A. Katsman, and M. Bamberger, Optimization of
composition and heat treatment design of Mg–Sn–Zn alloys via the
CALPHAD method. Journal of Materials Science, 2011. 46(21):
p. 6941–6951.

24. Chaudhury, S. and D. Apelian, Fluidized bed heat treatment of
cast Al-Si-Cu-Mg alloys. Metallurgical and Materials Transac-
tions A, 2006. 37(7): p. 2295–2311.

25. Levi, G., et al., Solidification, solution treatment and age
hardening of a Mg–1.6 wt.% Ca–3.2 wt.% Zn alloy. Acta
Materialia, 2006. 54(2): p. 523–530.

26. Nie, J.F. and B.C. Muddle, Precipitation hardening of Mg-Ca(-Zn)
alloys. Scripta Materialia, 1997. 37(10): p. 1475–1481.

27. Hu, J.-l., et al., Modification of Mg 2 Si in Mg-Si alloys with
neodymium. Transactions of Nonferrous Metals Society of China,
2013. 23(11): p. 3161–3166.

28. Gil-Santos A., Marco I., Moelans N., Hort N., Van der Biest O.,
Microstructure and degradation performance of biodegradable
Mg-Si-Sr implant alloys, Materials Science and Engineering C71,
25–34 (2017).

424 O. Van der Biest et al.



Solidification Analysis of Grain Refined
AZ91D Magnesium Alloy via Neutron
Diffraction

T. Davis, L. Bichler, D. Sediako, and L. Balogh

Abstract
Neutron diffraction (ND) remains an important tool for
in situ analysis of material behavior during various stages
of its lifespan, including fabrication, service, damage
accumulation and failure. ND was also developed to
study solidification of alloys, where minor phases at low
solid fractions can be successfully detected, thus provid-
ing valuable information difficult to obtain using tradi-
tional characterization methods. In the present work,
in situ ND solidification experiments were carried out
with AZ91D Mg alloy. To this alloy, novel grain refiners
were added and the phase evolution prior to the alloy’s
liquidus temperature, as well throughout the freezing
range was recorded. The role of the refining elements and
their interaction with the solidifying alloy was
investigated.

Keywords
AZ91D � Magnesium alloys � Neutron diffraction
Grain refinement

Introduction

Improving the as-cast properties of aluminum containing
magnesium alloys via grain refinement remains a challenge,
due to the undesirable formation of intermetallic compounds
which poison the grain refining potency of various additives
[1, 2]. Many studies on grain refinement mechanisms in
magnesium alloys typically focused on evaluating the
microstructure and properties of as-cast solidified samples

[1–4]. Recently, present authors have developed a novel
grain refiner which successfully reduced the grain size of
AZ91D alloy by �75%; however, the exact mechanism
responsible for this significant grain size reduction remains
unclear [5].

Neutron diffraction (ND) is an important method for
in situ analysis of crystalline materials [6, 7]. Diverse
characteristics of Aluminum (Al) and Magnesium (Mg) al-
loys were successfully studied using ND and are reported in
the literature [6, 8–11]. Interestingly, ND enabled the study
of primary phase evolution and fraction of solid during alloy
solidification. However, the technique has not been applied
to study the grain refinement of Mg alloys.

In the present work, ND analysis of grain refined AZ91D
Mg alloy during solidification was carried out. Specifically,
in situ tracking of diffraction peaks associated with the pri-
mary and minority phases was used to quantify the effect of
grain refinement on the freezing range of the alloy. The
fraction of solid curve was generated using ND data, clearly
showing the impact of grain refinement on the solidification
kinetics of the alloy.

Experimental Procedure

Sample Preparation

The composition of the grain refiner used in this research is
proprietary. The grain refiner was fabricated using a powder
metallurgy process (spark plasma sintering) and consisted of
a micron-scale Al powder matrix with uniformly dispersed
ceramic particles. Prior to sintering, the powder blend was
homogenized in a planetary ball mill, and subsequently
sintered at approx. 400 °C, to form a “master alloy” pellet
with a density of �80%. The effect of this grain refiner on
the hot tearing susceptibility of the AZ91D alloy has been
reported by the authors earlier [5].

Alloy specimens used for ND analysis were cast to near
net shape dimensions to fit a graphite mold with a cavity of
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12 mm diameter and 50 mm in length. 30 g of the alloy (i.e.,
virgin AZ91D or grain refined AZ91D) was heated to
740 °C and poured into the graphite mold preheated to 400 °
C. For the refined alloy, 1.0 wt% of grain refiner was mixed
into the AZ91D alloy for 30 s and then held for 2 min before
pouring into the mold. After the mold cooled to room tem-
perature, the specimens were machined to final dimensions
(10.6 mm diameter by 40 mm length).

Neutron Diffraction (ND) Experiments

ND experiments were performed using the C2 powder
diffractometer at the Canadian Neutron Beam Centre
(CNBC) in Chalk River, Ontario, Canada. A neutron beam
with a wavelength of 2.37 Å was used for all experiments.
The angle of scattering (2h) ranged from 30° to 110°, which
captured all major diffraction peaks for the AZ91D alloy.

During ND experiments, the alloy specimen was loaded
in an oscillating furnace under a positive pressure argon
atmosphere. A complete description of the in situ solidifi-
cation mold set-up was published earlier [8, 9].

The details pertinent to the solidification path imposed
during the in situ solidification experiments are provided in
Table 1. Each temperature was held for one hour to ensure
statistically valid neutron counts. Before and after each ND
experiment, a scan was also completed at room temperature
to ensure that the sample did not chemically change during
the experimental run.

Data Analysis

After each in situ ND experiment, the obtained diffraction
pattern was compiled and all peaks were indexed using the
Inorganic Crystal Structure Database (ICSD, FIZ-2009).

The evolution of the fraction of solid (FS) during the
cooling of the sample was calculated based on the change in
the integrated intensity (i.e. area) as a function of tempera-
ture of the {10–10}, {0002} and {10–11} reflections cor-
responding to the hexagonal close packed (hcp) a-Mg phase.
As the solid formed from the liquid phase the intensity of the
peaks increased, corresponding to an increasing fraction of
crystalline solid phase. The area of each a-Mg reflection was
measured as a function of temperature and normalized rel-
ative to the area of the corresponding peak measured on the

fully solidified sample. A correction factor based on the
Debye-Waller (DW) effect, which describes the decrease of
peak intensities as a function of temperature due to the
thermal vibrations of atoms in the crystal structure, was
applied in an iterative fashion to account for the phe-
nomenon [6, 7, 12]. These calculations were completed for
each of the {10–10}, {0002} and {10–11} a-Mg diffraction
peaks and the average of their normalized and DW-corrected
areas was used to calculate the overall FS values as a
function of temperature. A thorough analysis and explana-
tion of this technique for quantification of the solid fraction
curve has been discussed and proven in literature by multiple
authors conducting similar neutron diffraction experiments
on Mg and Al alloys [8–11, 13].

Results

Diffraction Patterns

During solidification, the alloy’s peaks associated with the
matrix and the second phases of the AZ91D Mg alloy were
measured and recorded. Figure 1 shows the evolution of the
ND pattern of the (a) unrefined and (b) refined alloy during
cooling of the samples from 630 to 40 °C; the {10–10},
{0002}, and {10–11} peaks correspond to the a-Mg main
phase of the alloys. The 3D graph shows the evolution of the
peak intensities which corresponds to the change in the FS as
discussed in the data analysis section. The shift of the peak
positions towards lower angles at higher temperatures indi-
cates the thermal expansion of the a-Mg crystal lattice. Also,
the evolution of the Mg17Al12 eutectic phase was observed,
which is typically difficult to track given its low volume
fraction [9].

Prior to the onset of solidification (at �630 °C), no peaks
were detected, confirming that the sample was completely
liquid. The ND results also confirmed the theoretical liq-
uidus of AZ91D reported as �595 °C [2, 9]. As Fig. 1
shows, at 593 °C the {10–11} reflection, which is the
strongest diffraction peak for a-Mg in a ND pattern, appears
as a low intensity signal above the background indicating the
presence of a small fraction of crystalline Mg. As cooling
continued below 593 °C the weaker {10–10} and {0002}
reflections also became detectable in addition to the {10–11}
peak, and their intensities increased representing a growth in
the volume fraction of the solid phase. Once �440–430 °C

Table 1 Experimental procedure

Sample Temperature (°C) Time to complete full
experiment (hrs)

Unrefined/refined
alloy

630, 593, 585, 575, 565, 555, 545, 535, 525, 515, 495, 485, 475, 465, 455, 450, 445,
440, 435, 430, 425, 420, 405, 300

24
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was reached, the increase of the peak intensities for each
{hkil} plane was seen to remain constant as a function of
temperature, indicating that the samples have fully solidified.

The liquidus was the same for both refined and unrefined
alloys. At the initial stages of the cooling process, the refined
alloy had a lower relative solid fraction suggesting a slower
rate of solid formation at the beginning of solidification. At
the end of solidification in the unrefined alloy, the solidus
was between 440 and 435 °C, while the solidus in the
refined alloy was at �430 °C.

The Mg17Al12 eutectic for both the unrefined and refined
alloy was also captured using ND through the {330}
reflection corresponding to Mg17Al12. The refined alloy
showed the eutectic forming at �430 °C, while in the
unrefined alloy the eutectic formed significantly later at
405 °C. The final eutectic peak intensity for both alloys was

approximately equal, suggesting the same volume fraction
evolved at the end of solidification. This could suggest that
more effective liquid eutectic feeding occurred via a finer
interdendritic structure in the grain refined alloy.

Fraction of Solid

The fraction of solid (FS) curve for the a-Mg is shown in
Fig. 2. The estimate of uncertainty based on the 95% con-
fidence interval is �0.01 for both unrefined and refined FS
values.

The major difference for the alloys was the slope at which
the FS curve reached a value of 1.0. In the unrefined alloy,
the curve slope was steeper and reached a high solid fraction
(>0.9) approximately 40 °C earlier than in the refined alloy.

Fig. 1 Diffraction pattern for {10–10}, {0002}, {10–11} a-Mg planes and {330} eutectic plane at each temperature, a unrefined, b refined
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Also, the fraction of solid for both alloys followed the same
path until �575 °C, where the curves began to diverge. This
temperature could be related to the completion of nucleation
and growth of the primary phase. After this point, the refined
alloy was consistently at a lower solid fraction until the end
of solidification, suggesting that a higher volume fraction of
liquid was available at the end of solidification. Such liquid
would improve interdendritic feeding which could provide
an improved resistance to solidification defects such as hot
tearing and porosity [5], [14].

Conclusions

The following conclusions may be drawn based on the
results of this research:

1. In situ solidification analysis using ND was successfully
carried out to study grain refinement in AZ91DMg alloy.

2. For both the unrefined and refined AZ91D Mg alloy, the
evolution of the a-Mg reflections was tracked as a
function of temperature to determine the volume fraction
of the solidified phase. Data on the eutectic phase evo-
lution was also collected, which is typically difficult
given the weak diffraction signals due to its low volume
fraction.

3. The fraction of solid curves for both unrefined and
refined AZ91D Mg alloy were successfully developed. It

was observed that the refinement had changed the
solidification temperature evolution by reducing the rate
at which a high solid fraction (i.e., >0.9) was reached.
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Microstructure Evolution and Mechanical
Properties of Thin Strip Twin Roll Cast
(TRC) Mg Sheet

X. Yang, C. L. Mendis, J. B. Patel, and Z. Fan

Abstract
TRC Mg alloys are hot rolled to further reduce the
thickness of the TRC strip which results in a sheet
material with a relatively strong basal texture which
produces anisotropic tensile properties based on the test
direction. The low force TRC concept developed at
BCAST provides a pathway to produce thin strip that
does not require further hot rolling to achieve the final
desired thickness. The as TRC and homogenised AZ31
show a refined grain and very little centre line. The as
TRC AZ31 has a tensile yield strength of 220 MPa along
the casting direction (CD) and 190 MPa perpendicular to
CD showing a very small yield anisotropy.

Keywords
Twin roll casting � AZ31 � High shear melt conditioning

Introduction

The use of Mg alloys in automotive and personal electronic
applications could be increased by the production of Mg
sheet or strip in a more cost-effective manner that reduces or
even eliminates the need for hot or cold rolling which is an
inherent problem with hexagonal materials [1, 2]. Twin roll
casting (TRC) [3, 4] conventionally combines casting and
hot rolling in a single step to produce a strip at or close to the
final thickness. The solidification front of TRC strip has a
complex dependence on alloy composition, feeding tem-
perature of the melt, position of the tip of the tundish, speed
of the rolls and the roll force on the solidifying strip [3]. As
the melt leaves the tip region, solidification begins at the
surface of the rolls and continues until the kissing point

where the two strands of the solidified metal meet and the
solidification of the strip is complete. This causes the solute
rich liquid to segregate to the centre of the strip leading to
the formation of central line segregation. This macro-
segregation along the centre line decreases the ductility of
as-cast strip, extends the homogenization time and increases
the production cost [5, 6]. Therefore, majority of research
into twin roll casting consider dilute alloys which minimise
the centre line segregation and only relatively small fraction
of research on TRC Mg alloys concentrates on the devel-
opment of solute rich Mg alloys that can be strengthened
further through precipitation hardening after TRC.

High Shear Melt Conditioned TRC (HSMC-TRC)

The high shear melt conditioning (HSMC) developed
within BCAST when applied to twin roll casting reduced the
macro-segregation observed along the centre line of the TRC
strip by changing the solidification front which cause the
grain structure to change from columnar grains observed in
conventional TRC to more equi-axed grain structure. In
conventional TRC process columnar grains form near the
roll surface and grow towards the centre of the strip. During
growth, the columnar grains reject solute atoms towards the
centre of the strip decreasing the solidification temperature
of the centre of the strip creating a deep sump [7]. This
promotes the formation of brittle intermetallic particles along
the centre line. In the case of HSMC-TRC process, enhanced
heterogeneous nucleation results in the advance of equi-axed
grains and a uniform solidification front from the roll surface
to the centre of the strip and the solute rejection into the
liquid to create centre line segregation is insignificant.
Figure 1a and b show the conventional TRC strip without
melt conditioning for AZ31 and AZ91 respectively.
Both TRC strips contain significant amount of centre line
segregation while AZ91 shows increased segregation. The
HSMC-TRC strip did not show similar segregation at the
centre line and retained a finer equi-axed grain structure
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from the surface of the strip to the centre, Fig. 1b and d
respectively for AZ31 and AZ91. The HSMC-TRC strip
shows significantly larger elongation to failure compared
with the conventional TRC strip, even though the strips
prepared through conventional TRC and MC-TRC both
have similar yield strengths [8]. Both conventional TRC and
HSMC-TRC strips were also tested at elevated temperatures
and HSMC-TRC strip shows significant improvement in
elongation to failure compared with the conventional TRC
strip [8]. Unlike the conventional TRC strip, where elon-
gation to failure decreased with the increased test tempera-
ture MC-TRC strip showed continued increase in the
elongation to failure.

Low Force Thin Strip TRC

The conventional TRC process produce a minimum strip
thickness of approximately 3–10 mm, which needs to be
subsequently hot rolled to produced Mg strip that may be
used in personal electronics or automotive applications.
Basal texture develops in majority of Mg alloys during the
hot rolling reductions, reducing the formability of the TRC
cast strip. Thus, removing the relatively randomised texture
achieved during twin roll casting. The BCAST twin roll
casting (BCAST-TRC) process is controlled by the solidi-
fication process and the low force on the rolls reduces the

deformation of the solidified strip and retains the random
texture distribution of the as-cast microstructure. The
BCAST-TRC provides just enough rolling force for strip
thickness and surface quality control. The thin strip, low
force TRC process in conjunction with melt conditioning
provides a novel pathway for Mg sheet production [10]. The
in-house twin roll caster has a small roll diameter and low
separation force, and is capable of casting thin strip (<2 mm
thickness). The setback between the tundish tip and kissing
point of twin rolls is reduced by the small roll diameter as
well as the reduced tip size. With smaller setback, the strip
thickness is closer to the final gap due to reduced path from
liquid metal to solid strip.

The as TRC strip produced via the BCAST-TRC show a
refined microstructure and reduced segregation as compared
with conventional TRC, Fig. 2a while combining the
BCAST-TRC with high shear melt conditioning provides
further refinement of the microstructure, Fig. 2b. The
reduction in the strip thickness changes the solidification
front associated with the TRC reducing centreline segrega-
tion as the amount of heat to be extracted from the cross
section of the strip is reduced. This is illustrated by the
relatively ‘smaller central region containing coarse grains,
The introduction of HSMC to the reduced thickness strip
further modifies the solidification front to produce a strip
consisting entirely of finer equi-axed grains. The thin strip
prepared through the BCAST-TRC has a higher yield and

Fig. 1 The microstructures of the
as-cast TRC strips of (a, b) AZ31
and (c, d) AZ91 alloys prepared
through (a, c) conventional TRC
and (b, d) HSMC-TRC processes.
Adopted from [9]
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tensile strengths along and perpendicular to the casting
directions as compared with 5 mm TRC strip prepared under
similar conditions, Fig. 3. The yield strength of the AZ31
strip produced via BCAST-TRC has a minimum yield
strength of 180 MPa perpendicular to the casting direction
and a maximum yield strength of 240 MPa parallel to the
casting direction. The 5 mm TRC strip however has a
maximum yield strength of 200 MPa parallel to the casting
direction with the yield strength perpendicular to the casting
direction reaching approximately 155 MPa. A yield strength
of 240 MPa is generally reported for the TRC and hot rolled
AZ31 strip using conventional TRC processes [11] which is
achieved through the BCAST-TRC in the as-cast condition.

Conclusions

The HSMC-TRC process with the application of melt con-
ditioning through intensive melt shearing results in a uni-
form fine grain structure with reduced/eliminated centreline
segregation. The thin strip produced using a BCAST low
force twin roll caster has the potential to enable the devel-
opment of high strength Mg alloy strip without a need for
subsequent hot rolling with large thickness reductions. Thin
gauge strip in combination with melt conditioning provides
novel way to produce high quality TRC Mg strip providing
an economical pathway to producing Mg sheet material.
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Repaired Algorithm for Nonlinear to Predict
the Displacement of Copper Ion
in the Absorption System of Treated
Steal Slag

Shujing Zhu and Ying Qin

Abstract
The nonlinear properties of copper ion removal through
the adsorption on treated steel slag is a function of pH and
the election potential. Based on phase space reconstruc-
tion theory and the powerful nonlinear mapping ability of
support vector machines, the information offered by the
time series datum sets can be fully exploited and the trend
of displacement evolution of adsorption system can be
precisely predicted by making real-time predicting. The
experimental results suggest that the methods based on
phase space reconstruction and v-SVR algorithm are very
accurate, and the study can help to build the displacement
forecast system to analyze the removal rate of copper ion
in the adsorption system.

Keywords
Copper ion � Phase space reconstruction � Algorithm for
nonlinear � Predict

Introduction

The removal rate of metal ions in the adsorption system
varies with the change of metal ion and pH values. It is the
most relevant reaction among the survival state, the mutual
influence and evolution of the adsorption system. It is also
the most stable control key parameters of the adsorption
system [1]. The basic method of numerical calculation and
inversion analysis are used to analyze metal ions removal
rate in the solution with the change of pH values. It is a basic
method for the numerical calculation and inversion analysis

of the change rules of the composition of the adsorption
system and its stability. In the further mapping, it will be the
most important affect the adsorption parameters and process
parameters to optimize the process. The change of the
potential of the metal ion in the adsorption system can be
regarded as a phase change sequence with the change of PH
values of the solution. It is important to explore the whole
process of heavy metal ion adsorption experiment by using
this information to explore the change rule of heavy metal
ion migration, so as to evaluate and forecast the change trend
of metal ion adsorption behavior and removal rate in solu-
tion [2–4]. The adsorption process of metal ions in the
solution system is a nonlinear dissipative power system
which was controlled by many factors such as temperature
and oscillation conditions, and is influenced by various
factors such as feeding and human activities. Under the
combined effect of these factors, the evolution of adsorption
system can be regarded as a complex process with chaotic
characteristics. In the phase space, its trajectory will return to
the strange attractor orbit. Therefore, it is feasible to predict
the adsorption rate of metal ions in the solution system by
the phase space reconstruction technique within a certain pH
range [5–10]. In recent years, the support vector machine
(SVM) based on the SVM has been successfully applied in
the field of environmental engineering technology.

Based on the theory of phase space reconstruction of
chaotic dynamical system delay coordinates, this paper
combines the non-linear mapping ability of m-SVR with the
non-linear mapping ability of chaotic dynamical systems
based on the inherent deterministic and non-linear regression
rules of the chaotic variation sequence of the metal ion
adsorption rate The prediction model of copper ion adsorp-
tion removal in copper ion solution with modified steel slag
was investigated by means of the SVM. The results show
that the experimental results are highly in agreement with the
predicted results. The prediction results of the model pre-
dictors show that the support vector machine prediction
model is accurate and reliable in the application of copper
ion adsorption removal in solution system.
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Method and Procedure

Material and Equipment

The materials used in this equipment are as follows, Ordi-
nary mechanical strength of steel slag, Take Wuhan Iron and
Steel mixed steel slag, dried and Hubei produced sodium
bentonite by 1:4 mass ratio of mixed ball milling 4 h after
drying finished products; Pickling mechanical modified steel
slag; take Wuhan Iron and Steel mixed steel slag with 1/10
hydrochloric acid dip for 24 h, drying and Hubei produced
sodium bentonite by 1/4 mass ratio of mixed ball for 4 h,
dried finished products.

Adsorbent liquid: accurately weighed chemical pure
anhydrous CuSO4 2.5120 g dissolved in deionized water
prepared into 1000 ml.

Specific test operation in strict accordance with the (water
and wastewater testing methods-the fourth edition) and the
national standard GB13195-91 implementation.

Equipment
Atomic Absorption Spectrometer (TAS-900), Raytheon
PHS-300 PH Meter; One-tenth Electronic Balance

Method
The initial concentration of solution was 1000 mg/L in the
adsorption process, the temperature was 24.8 °C, the hori-
zontal rotation oscillation speed was 200 r/min, and the
change period of the recording potential was 3.50–5.50 PH
value was recorded every 0.05 reading. In order to facilitate
the record to determine the ordinary mechanical force to
modify the steel slag for the delivery of a material, pickling
mechanical modification of steel slag for the feeding of two.

Prediction Model of Adsorption and Removal
Rate of Copper Ion

Phase Space Reconstruction

Figure 1 shows the relationship between the measured PH
value and the removal rate. According to the analysis of the
correlation data in Fig. 1, it is known that the PH value and
the removal rate have a non-linear chaotic change certainty.
It can be used to treat copper ions in the copper ion solution.
The support vector machine prediction model of the
adsorption removal rate and the PH value of the solution is
used to reconstruct the phase variables of the experimental
variables. Based on the chaotic dynamic system phase space
delay coordinate reconstruction theory and the non-linear
mapping capability of m-SVR, The adsorption removal rate
of copper ions was modeled.

The purpose of phase space reconstruction is to restore
the high correlation chaotic attractor in multidimensional
phase space. Chaotic attractor is one of the important char-
acteristics of chaos, with the high regularity of chaotic sys-
tem, so chaotic system will fall into a certain trajectory at the
end point, and this kind of proprietary trajectory is called
chaotic attractor. And the complex characteristics of the
phase sequence is the chaotic attractor after similar stretch-
ing and folding and other complex evolution of the results
after the change. The evolution of any system component is
controlled and influenced by the other components associ-
ated with it. Thus, the information of these related compo-
nents is implied in the evolution of any component
associated with the component. Thus, we can extract and
restore the basic laws of the system based on a number of
sets of phase-varying sequence data, which is a specific
trajectory in the high-dimensional space. Since the relevant
motivating factors of the chaotic system are interacting and
interacting, the data points that have been generated on the
taking phase must also be associated with each other.
Packard et al. Used to reconstruct the phase space with the
delay coordinates of a variable in the original system. Tak-
ens also proved that a suitable embedding dimension could
be found in which the regular trajectory (attractor) was
restored out, this is the dimension of the delay coordinates
m� 2dþ 1 (d is the dimension of the power system).

In this test model prediction process, with a single vari-
able travel potential measured PH value sequence
xðtiÞ; i ¼ 1; 2; � � � ;Nf g, Set the PH value of this sequence to

change the interval Dt. The phase space can be expressed as:

XiðtÞ ¼ x tið Þ; x ti þ sð Þ; � � � ; x ti þ m� 1ð Þsð Þð Þ; i ¼ 1; 2 � � � ; n ð1Þ
Here Xi tð Þ is the definite m phase in the phase space; m is

the embedded dimension; s is the delay variable; n is the
number of points, and satisfies the condition;
n ¼ N � ðm� 1Þs. The set of trajectories of the evolution of

Fig. 1 Relation between PH and ratio of remove
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the system in the phase space XiðtÞ; i ¼ 1; 2; � � �f ;Ng is
constructed. According to Takens et al. set the embedding
theorem, as long as the position and numerical m, s selection
are appropriate, reconstructing the “trajectory” in the phase
space of the embedded space is the “dynamic equivalent” of
the original system in the sense of topology. In general, the
correlation dimension d is calculated according to
Grassberger-Procaccia algorithm, and then the m embedded
dimension value is determined m� 2dþ 1 by the change of
the autocorrelation function of the PH value change
sequence to the initial value 1� 1

e or the mutual information
component reaches the minimum value domain for the first
time Set the value to determine the PH value of the delay
s ¼ k � Dt [7–10].

Nonlinear Regression Theory of Support Vector
Machines

The original idea of support vector machine SVM is to use
the nonlinear transformation defined by the inner product
function to map the input space into a high dimension fea-
ture space, and then use the function analysis to obtain the
optimal linear classifier in the high dimension feature space
The boundary between the classification plane and the
nearest point (support vector) is the largest, and then the
SVM problem is transformed into another quadratic pro-
gramming problem, and the solution is solved.

Through the autonomous programming improved
regression support vector machine m-SVR algorithm can be

described as follows, Set the training sample as xi; yif gli¼1,
set the input variable xi 2 Rn, set yi 2 R to the corresponding
output value, set l the number of training samples, the
regression problem at this time is to find a input space from
the input space to the mapping domain set f : Rn ! R to
make f ðxÞ ¼ y satisfy. The purpose of the m-SVR is to find
the regression function equation:

y ¼ f ðxÞ ¼ ðw � xÞþ b ð2Þ
Here, w, x2Rn; b 2R
The optimization problem at this time is;

Min s w; n �ð Þ; e
� �

¼ 1
2

wk k2 þC � veþ 1
l

Xl
i¼1

ni þ n�i
� � !

ð3Þ

The constraints are:

x � xið Þþ bð Þ � yi � eþ ni yi � x � xið Þþ bð Þ� eþ n�i ð4Þ

n �ð Þ
i � 0; e� 0;

In the formula (3), C > 0, is set to the weight parameter,
1
2 wk k2 used to balance the model complexity and training
error term; set e as insensitive loss function; set n as relax-
ation factor; 0� v\1, then constant.

In this experiment, we use the dual equation of (3) to
introduce the kernel function method with the correlation.

As for the dual issue;

MinW a �ð Þ
� �

¼ 1
2

Xl
i;j¼1

a�i � ai
� �

a�j � aj
� �

K xi � xj
� �

�
Xl
i¼1

a�i � ai
� �

yi ð5Þ

The constraints are:

Xl
i¼1

ai � a�i
� � ¼ 0; a �ð Þ

i 2 0;
C

l

� �
; i ¼ 1; 2; � � � l ð6Þ

Xl
i¼1

ai þ a�i
� ��C � v

The nonlinear mapping equation obtained by solving the
convex quadratic programming can be expressed as the
following Eq. (7):

f ðxÞ ¼
Xl
i¼1

ða�i � aiÞKðxi; xÞþ b ð7Þ

Here, a�i and ai are Lagrange key factor; Kðxi; xjÞ ¼
/ðxiÞ/ðxjÞ is the core function.

Propagation Potential of Metal Ions Based on
m-SVR with PH Value Chaotic Sequence Prediction

Model Predictive Analysis
The experimental results show that the removal rate of
copper ions is obtained by the experiment. Through the
phase space reconstruction, support vector machine training
sample set xðiÞ; i ¼ 1; 2; � � � ;Nf g can be obtained s by the
change of PH value and m. For the chaotic sequence of l
changes in the delay of the embedded dimension x ið Þ, the
point x nþ 1ð Þ to be predicted is that we need to establish the
mapping f : Rm ! R to satisfy the following equation:

x nþ 1ð Þ ¼ f x nð Þ; xðn� sÞ; � � � x n� ðm� 1Þsð Þð Þ ð8Þ
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The pH differential sequence is cut into two parts, the
former is used to train the predictor, the parameters are
estimated and analyzed, and the rest of the data is used to
verify the validity of the model. The training sample data can
then be constructed, marked as;

The regression function of the support vector machine is
obtained:

y nð Þ ¼
Xl�ms

i¼1

a�i � ai
� �

K x ið Þ � x inð Þð Þþ b; n ¼ msþ 1; � � � ; l

ð10Þ
And further predict the model, in line with the following

formula:

y lþ 1ð Þ ¼
Xl�ms

i¼1

a�i � ai
� �

K x ið Þ � x ilþ 1ð Þð Þþ b ð11Þ

Here,

x ilþ 1ð Þ ¼ x lþ 1� msð Þ; x lþ 1� ðm� 1Þsð Þ; � � � x lþ 1� sð Þf g

The p-step prediction model is;

y lþ pð Þ ¼
Xl�ms

i¼1

a�i � ai
� �

K x ið Þ � x ilþ p

� �� �þ b ð12Þ

Here,
x ilþ p

� � ¼ x lþ p� msð Þ; x lþ p� ðm� 1Þsð Þ; � � � x lþ p� sð Þf g

Evaluation Indicators
In order to evaluate the prediction accuracy of the model, the
root mean square relative error (RMSRE) is used to evaluate
and evaluate the prediction effect of the model.

RMSRE ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
1

N � l

XN
i¼l

x ið Þ � y ip
� �

x ið Þ
	 
2

vuut ð13Þ

Here, y ip
� �

—x ið Þ 的 p step previous value.

Forecasting Steps

(1) The saturated embedding dimension, the delay variation
m, s and the Lyapunov exponent of the sequence are
calculated according to the difference between the

measured value of the copper ion adsorption removal
rate and the PH value difference in the solution system,
and the maximum predictable scale of the desired copper
ion adsorption removal rate And its scope;

(2) Reconstruction of phase space, according to (9) type to
carry out sample training;

(3) According to the combination of one method and grid
search method, we choose the appropriate kernel func-
tion and the parameter C and v of kernel function.

(4) Using Yang Xinghua [2] and others proposed rolling
prediction method to carry out model predictive analy-
sis. It is assumed that the differential sequence of the PH
value is predicted and analyzed x ið Þ; i ¼ 1; 2; � � �f ;Ng,
and the predicted number of steps is k (k is determined
according to the actual situation). According to the
n sequence of the previous results, the primary task of
rolling prediction is to use The k-order of the n-th order
of the n-m order changes the k-order of the value after
the occurrence of the value of n; when the k-valued order
is obtained, the k new order is used to replace the pre-
ceding k-order One step prediction calculation analysis,
and then get the next k predictions.

Analysis of the Results of the Discussion

In this paper, using the indoor test measured values, set the
PH value of the difference between the variation interval
Dt = 0.05, according to Grassberger-Procaccia algorithm,
set m = 20. By using the Wolf algorithm, the maximum
Lyapunov exponent of the sequence can be obtained by the
analysis and analysis. It can be concluded that the maximum
Lyapunov exponent LE1 = 0.024097 > 0 when s = Dt =
0.05, which indicates that the sequence is the chaotic

P ¼ xðn� sÞ; xðn� 2sÞ; � � � ; xðn� msÞð Þ; xðnÞð Þ 2 Rm � R m\n� l

s

����
� 

ð9Þ
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sequence of PH value, and it can be seen that the longest
forecast Tm ¼ 1=LE1 = 40. The practical significance is that
when the predictive analysis is carried out using the mea-
sured data of the change sequence, the maximum prediction
interval is 0–40 when the precision loss is limited. The
concept of the maximum predictable PH value change scale
is taken to help quantify the predictability of copper potential
potential and provide a theoretical support for the prediction
of metal ion potential potential changes more accurately.

The phase reconstruction is carried out by using the
regression support vector machine to establish the mapping
relationship f : Rm ! R between the window x tnð Þ ¼
x tn � sð Þ; xðtn � 2sÞ; � � � x tn � msð Þf g and the output of the

dynamic PH value. In order to obtain the appropriate pre-
diction model equation and y tnð Þ ¼ ðx tnð ÞÞ related parame-
ters, we use the polynomial kernel function, the radial basis
function and the sigmoid kernel function respectively to test
the reliability of the analysis model. The optimal kernel
function is the radial basis function, which is based on the
method of left one method and grid search method. The

optimal parameter is set to C = 1024, r2 = 0.15, and
v = 0.35. This calculation is done on the basis of autono-
mous programming optimization free software libsvm 2.5.

In this paper, the first 20 data of two kinds of different
kinds of adsorbents were used as the training sample set, and
the data of metal ion wandering potential were predicted and
analyzed by rolling prediction method. The results are
shown in Table 1, and the predicted values are compared
with the measured standard variance. The results are shown
in Fig. As can be seen from Table 1, the relative error of the
model is relatively small, RMSRE = 0.0149. It can be seen
from Fig. 2 that the prediction method using this method is
very accurate. At the same time, it can be seen that the
position where the relative error is more obvious is at the
inflection point where the potential potential changes shar-
ply, and the prediction is better in the steady state. There are
many reasons for the dramatic increase in the potential
potential of the copper ion potential, which may be due to
experimental disturbances (e.g., laboratory ventilation,
oscillator temperature control, recovery), solution tempera-
ture change, or due to the release of adsorbent absorbent
Creep stage. In this case, the pure pH differential sequence is
generally difficult to accurately determine. It can be seen that
the prediction effect of the combination of the potentials of
the v-SVM support vector machine based on the phase space
reconstruction and the autonomous programming is reason-
able, reliable and satisfying. It is pointed out that when the
predicted value is different from the measured value of the
measured test, or when the measured value of the measured
test deviates from the prediction curve, the change of the
adsorption rate of the metal ion is analyzed, and the mea-
surement error and man-made In the case of interference
disturbances, appropriate remedial or optimization measures
should be taken.

Fig. 2 Comparison of predicted deformations with measured
deformations

Table 1 The prediction results

PH value Lab value/% Model value/% C2/% PH value Lab value/% Model value/% C2/%

Case 1 Case 2 Case 1 Case 2 Case 1 Case 2 Case 1 Case 2

4.55 99.79 99.91 99.85 0.06 0.06 5.05 99.97 99.99 99.96 0.03 0.01

4.60 99.81 99.94 99.87 0.07 0.06 5.10 99.97 99.91 99.94 0.03 0.03

4.65 99.85 99.85 99.83 0.02 0.02 5.15 99.96 99.98 99.98 0.00 0.02

4.70 99.83 99.94 99.91 0.03 0.08 5.20 99.94 99.89 99.90 0.01 0.04

4.75 99.90 99.93 99.91 0.02 0.01 5.25 99.99 99.94 99.95 0.01 0.04

4.80 99.89 99.87 99.90 0.03 0.01 5.30 99.96 99.99 99.98 0.01 0.02

4.85 99.91 99.92 99.92 0.00 0.01 5.35 99.91 99.97 99.98 0.01 0.07

4.90 99.78 99.89 99.81 0.08 0.03 5.40 99.85 99.98 99.92 0.06 0.07

4.95 99.98 99.99 99.98 0.01 0.00 5.45 99.99 99.92 99.98 0.06 0.01

5.00 99.99 99.99 99.99 0.00 0.00 5.50 99.98 99.99 99.91 0.08 0.07

RMSRE = 0.0149
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Conclusion

(1) This paper discusses the highly prediction method of
copper ion adsorption and removal rate in modified steel
slag adsorption system based on phase space recon-
struction v-SVR. Through the phase space reconstruc-
tion, support an embedded space, can be restored in the
context of the equivalent of the original system
dynamics, take full advantage of the data contained in
the objective sequence of the rules. Improved regression
support vector machine v-SVR has good nonlinear
function approximation ability, especially when the
training sample is limited, it has good generalization
ability. The results of the predicted analysis and the
measured results are RMSRE = 0.0149, which indicates
that the prediction method has high precision.

(2) Based on the results of v-SVR algorithm, it is found that
the standard error dispersion of pickled-modified steel
slag is larger than that of ordinary mechanical-modified
steel slag system.

(3) The method is practical and easy to operate. It provides a
more favorable way for the dynamic inversion of metal
ion adsorption treatment and the optimal design of envi-
ronmental engineering. At the same time, the stability of
the adsorption system is analyzed displacement predic-
tion system provides a practical and effective method.
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