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Chapter 1

Hard, Superhard and Ultrahard Materials:
An Overview

Dr. Valentine Kanyanta, CEng MIMechE

Abstract This chapter gives general overview of hard, superhard and ultrahard

materials, which include oxides, borides, nitrides and carbides of metals, cermets,

carbon nitrides, cubic boron nitride (c-BN) and diamond. These materials are

widely adopted in many industrial applications where high hardness, high

incompressibility and sometimes chemical inertness and thermal stability are pri-

mary requirements. Applications range from abrasives (e.g. polishing, grinding,

cutting tool materials and wear-resistant coatings) to medical implants such as the

hip-joint prosthesis. The chapter also discusses the influence of crystal structure,

microstructures and processing parameters on material’s macroscopic properties

and behaviour. These different material characteristics are closely interrelated, and

understanding their influence on material behaviour is fundamental to the develop-

ment of suitable superhard and ultrahard materials required for current and emerg-

ing applications. It is obvious that in order to design a material with tailored

properties, an understanding of how the microstructure affects the properties of

the material, as well as how such a microstructure is realised via different synthesis

and processing routes, is essential. Even equally important is having appropriate

tools for structure characterisation and mechanical property measurements, which

enables the derivation of accurate microstructure–property relationships.

1 Introduction

Hard, superhard and ultrahard materials such oxides, borides, nitrides and carbides of

metals, cermets, carbon nitrides, cubic boron nitride (c-BN) and diamond are widely

adopted in many applications where high hardness, high incompressibility and chem-

ical inertness are a primary requirement. These include as abrasives for polishing,

grinding, cutting tool materials and wear-resistant coatings and medical implants like

the wearing parts of hip-joint prosthesis as shown in Figs. 1.1, 1.2, 1.3 and 1.4.
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Their outstanding mechanical, thermal, chemical and at times electrically insulating

properties make them preferred materials for these applications. For example, the

ability to retain high hardness and stiffness at elevated temperatures is especially

important for high-speed dry machining of nickel-based and titanium-based superal-

loys (Wang and Rahman 2014; Liu et al. 2013; da Silva et al. 2013; Dudzinski

et al. 2004; Kitagawa et al. 1997; Zhu et al. 2013; Patil et al. 2014; Pusavec

et al. 2014; Wardany et al. 1996; Focke et al. 1978). The cutting tool material should

also offer sufficient resistance to chemical diffusion wear, especially at elevated

Fig. 1.1 Hard, superhard and ultrahard materials used in the form of abrasive particles in lapping

or polishing operations. The most commonly used are alumina, silicon carbide and diamond.

Lapping and polishing are usually final finishing operations that produce flat surfaces with extreme

dimensional accuracy, remove surface imperfections and refine surface finish to achieve required

roughness (Doi et al. 1999). The abrasive particles are suspended in a viscous or liquid media such

as oil or grease

Fig. 1.2 Superhard and

ultrahard materials such as

cubic boron nitride and

diamond and commonly

used in vitrified grinding

wheel for grinding

operations (Jackson 2007;

Lin et al. 2007). The

diamond or c-BN grits are

bonded in a glass matrix and

onto a grinding wheel to

form the cutting surface
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temperatures (Calatoru et al. 2008). In addition, as applications become more

challenging with the development of new difficult to machine materials, the ever-

increasing need to reduce machining costs, increase efficiency and achieve superior

surface finish requirements for e.g. aerospace and automotive components, so does the

need for tools with super- and ultrahardness increase. A detailed discussion of the

industrial applications for superhard and ultrahard materials is presented in Chap. 2,

except for hard materials which are discussed in the current chapter.

Fig. 1.3 An example of the use of hard, superhard and ultrahard materials as cutting tools in

machining and cutting operations. The tool can be as a single crystal or in a polycrystalline form

where, for example diamond or c-BN particles are sintered together (usually at higher tempera-

tures and pressures) to form a fully bonded and in some cases intergrown (i.e. particles intergrown

into each other) polycrystalline material

Fig. 1.4 The figure

illustrates the use of

diamond and diamond-like

materials in biomedical

applications, for example,

forming part of the hip-joint

prosthesis such as the

acetabulum/liner and femur

head (Pope et al. 2004;

Nibennaoune et al. 2011).

Diamond coatings and

materials are seen as an

efficient and reliable

solution (or alternative) to

the use of materials such as

titanium alloys, ceramics

and polymers which

degrade after about a few

years of use (Nibennaoune

et al. 2011)
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Superhard materials are defined as those with a load invariant Vickers hardness

greater than 40 GPa and ultrahard materials as having a hardness exceeding 80 GPa.

Note that at times the term “superhard” is used to describe all materials with a

hardness of 40 GPa and above, including ultrahard materials. Hard materials would

generally include materials with reasonably high hardness in comparison to most

engineering materials such as refractory metals and high-speed steels and up to a

hardness of 40 GPa. Figure 1.5 shows how the materials can be classified into these

three groups, i.e. hard, superhard and ultrahard, based on their Vickers hardness

values. Some of the hardness values of the so-called new superhard materials

(e.g. marked with * in Fig. 1.5) are still debatable. For example, some literature

have reported the hardness of rhenium diboride (ReB2) as about 48 GPa (Chung

et al. 2007) and that of tungsten tetraboride (WB4) to be about 43 GPa

(Mohammadia et al. 2011), which are close to the hardness of cubic boron nitride.

However, these results are disputed in other studies where hardness values of these

materials are shown to be less than 30 GPa (see Chaps. 4 and 6).

Diamond is the only known material which is intrinsically ultrahard. Its Vickers

hardness is usually between 80 and 100 GPa (Sokolov et al. 2012; Diamond

Materials 2015). In certain literatures, values of up to 150 GPa are reported

Fig. 1.5 Hardness classification of materials into the three categories, i.e. hard, superhard and

ultrahard. Note that the “true” hardness of rhenium diboride (ReB2), ruthenium diboride and

tungsten tetraboride (WB4) is still a subject of debate. In certain literature, values>40 GPa have

been reported (Chung et al. 2007; Mohammadia et al. 2011), while this is disputed in other works

as discussed in great detail in Chaps. 4 and 6. However, unlike the manufacturing of traditional

superhard materials which require the use of high-pressure synthetic methods of several

gigapascals, rhenium diboride and tungsten tetraboride can be synthesised in bulk quantities via

arc melting under ambient pressure (Chung et al. 2007; Mohammadia et al. 2011). The reader can

also consult the work by Lowther (2014) entitled “From Diamond to Superhard Borides and

Oxides”
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(Sokolov et al. 2012).1 Examples of intrinsically superhard materials are cubic

boron nitride (c-BN), carbon nitrides and ternary compounds such as boron carbon

nitrides (BCN). The hardness of c-BN is about 50 GPa (Spriggs 2002). Cubic boron

nitride is also known for its good hot hardness and better resistance to thermal–

chemical degradation. Unlike diamond, c-BN has better thermal stability and

chemical resistance which makes it a suitable material for machining ferrous metals

(SandvikCoromant 2015; Element Six 2015; Greim and Schwetz 2006). Diamond

is not normally employed in machining of ferrous materials due to its high reac-

tivity to iron. In addition, diamond has poor thermal stability at temperatures above

700 �C (Westraadt et al. 2015).

Current research work has also shown that super- and ultrahardness can be

achieved extrinsically by engineering the material’s microstructure such as in nano-

structured materials and nanocomposites. One example is titanium nitride and silicon

nitride nanocomposites where hardness values of 50 GPa have been reported as later

discussed in Chap. 6 (superhard and ultrahard nanostructured materials and coatings).

There are also other materials reported in literature, e.g. C60 fullerite materials that

are thought to have similar hardness to diamond or even harder than diamond (Blank

et al. 1994, 1998a, b). However, in this particular case, there is no enough physical

evidence so far to suggest that this is truly the case.

Although hard, superhard and ultrahard materials are widely used, the relation-

ships between their microstructures, processing parameters and the resulting mac-

roscopic properties are still poorly understood in comparison to other engineering

materials such as steels. This has significant consequences on the ability to develop

materials with desired properties. Therefore, the objective of this book is to discuss

microstructure–property correlations, exploring key microstructure features and

how they affect the properties of a material. This understanding is fundamental to

the development of suitable superhard and ultrahard materials required for current

and emerging applications. This is because the macroscopic properties of a material

are a function of its crystal structure, microstructure and how the material is

processed (manufacturing and other secondary processes such as heat treatments).

The behaviour of the material during application is determined by these properties.

The schematic representation of this interdependency or relationship between

behaviour, properties, microstructure and processing parameters is shown in

Fig. 1.6.

1 The wide variations in the reported hardness values of diamond are partly due to defects and

impurities in the crystal and the influence of residual strain. Sokolov et al. (2012) showed that the

hardness of diamond single crystals can be increased up to 160 GPa via high- pressure and high-

temperature treatment (HPHT treatment). They also showed that the toughness can likewise be

improved via the same process. The treatments were done at temperatures of 2000–2700 �C and

pressures between 5 - and 7 GPa, which resulted in an increase in the hardness of type I1a natural

diamond single crystals from 80 to 100 GPa and that of type IIa monocrystals from 100 to 150 GPa

(Sokolov et al. 2012). It is thought that this increase is due to changes in the defect and impurity

structure induced by the transformation of defects mainly related to nitrogen impurities, as well as

due to changes in internal stresses. The hardness of diamond crystals also varies in different

crystallographic planes (Kraus and Slawson 1939).
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• Crystal structure: The crystal structure is the unique arrangement of atoms,

ions or molecules in a crystalline material. Properties such as hardness, shear

modulus and shear strength (cleavage) are determined by the crystal structure.

The two aspects of the crystal structure are the nature of interatomic bonds

(whether covalent, metallic or ionic) and the crystal lattice system, i.e. cubic,

tetragonal, orthorhombic, hexagonal, trigonal, triclinic and monoclinic structure.

For example, diamond is intrinsically superhard or ultrahard because the

interatomic bonding between the carbon atoms is characterised by short covalent

bonds arranged in a cubic structure. This provides high resistance to plastic

deformation which results in high hardness (Spriggs 2002). The same applies to

why cubic boron nitride is intrinsically superhard (Greim and Schwetz 2006)

• Structure (microstructure or nanostructure): In a crystalline material, the

microstructure or nanostructure is defined by the arrangement of crystals. Fac-

tors influencing the structure include the synthesis and processing parameters,

crystal size/shape, size distribution and the composition of constituent material

phases. The structure has a strong influence on mechanical properties like

strength, toughness, ductility, hardness, corrosion resistance, wear resistance

and how these properties change with temperature and strain rate. These prop-

erties in turn govern material behaviour during application as already discussed

above. The relationship between microstructures and properties is discussed in

greater detail in Chaps. 3, 4, 5 and 6. Chapter 6 particularly looks at superhard

and ultrahard nanostructured materials and coatings, highlighting the conditions

that should be met for achieving super- and ultrahardness in nanostructured

materials and nanocomposites.

Fig. 1.6 Figure showing material behaviour as a result (or function) of the interrelationships

between crystal/atomic structure, structure (nano-/micro-scale), synthesis and processing, proper-

ties and applied loads
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• Synthesis and processing parameters: Synthesis and processing parameters

have been shown to have a strong influence on resulting structure and material

properties (Meyers and Chawla 2008; Zhou et al. 2013), as well as the extent of

residual stresses in a material (Sokolov et al. 2012; Kanyanta et al. 2014a; Chen

et al. 2010). Synthesis and processing produce the structure which in turn affects

properties. Therefore, the choice of an appropriate processing route is critical to

realising desire properties.

• Behaviour: The behaviour of a material during application is a compound

function of several parameters. Ideally one would think of two main factors as

influencing material behaviour, i.e. material properties and loading (which

include pre-existing internal stresses or residual stresses and externally applied

loads). The geometry of a cutting tool, for example, can be classified under

loading as it modifies how the load is applied on the cutting surface. Pre-existing

residual stresses are mainly a result of synthesis and/or processing conditions.

For example, Kanyanta et al. (2014a) showed how the residual stress state in a

polycrystalline diamond cutting tool can be optimised with appropriate choice of

high-pressure and high-temperature down-ramp conditions following the

sintering process. McNamara et al. (2015) were also able to show that residual

stresses at a microstructure level in an already sintered ultrahard material

(i.e. polycrystalline diamond) can be optimised further with thermal treatments.

There is also another relationship between macroscopic properties and loading

conditions as the properties of most materials change with temperature, strain rate

and other environmental factors (e.g. humidity and chemical reactivity) (Kanyanta

and Ivankovic 2010; Petrovic et al. 2012). Given this sometimes very strong

interaction between properties and loading conditions and the effect on resulting

material behaviour, it is imperative that the loading conditions chosen in laboratory

tests are closely representative of the application of interest.

The relationships between these different aspects of material’s mechanical

behaviour (Fig. 1.6) are quite complex and not as straightforward as they may

first appear. In addition, one would need appropriate characterisation techniques in

order to accurately study the structure and measure microscopic and macroscopic

properties. Whereas such methods and techniques are well developed for other

materials, it is not yet the case for superhard and ultrahard materials. These

challenges are discussed later in Chaps. 4 and 5 and the best approaches for accurate

determination of material characteristics (i.e. structure and properties) presented.

Identifying and using appropriate microstructure characterisation and mechanical

property measurement techniques is essential to developing accurate

microstructure–property relationships. It is obvious that having or using inappro-

priate techniques/tools would lead to inaccurate results. To add to the complexity,

as the structure becomes nanosize particulate, image analysis using standard tech-

niques such as scanning electron microscopy (SEM) becomes more challenging.

Similar difficulties are also highlighted in mechanical property measurements, such

as hardness and fracture toughness which are respectively discussed in Chaps. 4

and 5. It is shown in Chap. 4 that in order to reliably measure the hardness of
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nanostructure materials and nanocomposites, one may require different techniques

to those employed for other materials with microstructures having coarser particles.

This in itself is already a complex relationship between structure and the charac-

terisation technique employed, as well as between processing, structure and

characterisation.

In addition to Fig. 1.6, a schematic framework known as “iterative materials

tetrahedron” (Meyers and Chawla 2008) can be used to illustrate different aspects

of mechanical behaviour of materials and their relationships, i.e. synthesis/

processing, characterisation, theory and properties (Fig. 1.7). These four factors

are interrelated such that a change to one affects the other three characteristics.

For example, changing the synthesis or processing route will affect the choice of

characterisation technique, mechanical property measurement method and the

constitutive material model to apply. The iterative tetrahedron also shows that

the derivation of fundamental material behaviour theory has to consider both the

structure (from atomistic scale to micro-/mesoscale) and the process used to realise

such as structure (i.e. synthesis and/or processing route).

2 Hard Materials

Hard materials are mainly used in applications requiring good resistance to abrasion

wear and better ability to withstand high temperatures and corrosive environments.

Traditional applications are as abrasive materials for polishing, grinding and cutting

Fig. 1.7 The “iterative materials tetrahedron” applied to mechanical behaviour of materials

(Meyers and Chawla 2008)
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tools used in machining operations. However, owing to their high thermal stability

and corrosion resistance, hard materials are also widely used as thermal and

chemical barrier coatings on components (Rosso et al. 2001; Herrmann and

Klemm 2014). The current discussion looks at three groups of hard materials that

have significant industrial applications, i.e. oxides, carbides and nitrides of metals

and cermets.

2.1 Carbides and Nitrides of Metals

Carbides are compounds composed of carbon and a less electronegative element,

e.g. calcium carbide (CaC2), silicon carbide (SiC), tungsten carbide (WC), cement-

ite (Fe3C), etc. Carbides of group IV–VI transition d-metals such as titanium,

zirconium, hafnium, vanadium, niobium, tantalum, chromium, molybdenum and

tungsten are of especial interest to abrasive applications because of their refractory

nature and high hardness (Santhanam 1996; Oyama 1996; Grossman et al. 1999;

Novion and Landesman 1985; Rogl and Bittermann 1999). These are also referred

to as interstitial compounds2 with carbon atoms occupying the interstices, or holes,

in the lattice of close-packed metal atoms (Oyama 1996). Figure 1.8 shows an

example of the crystal structure of a transition metal carbide, with the carbon atoms

(“red”) sitting in the interstices of close-parked metal atoms (e.g. titanium or

tungsten). These carbides also have metallic properties and exhibit a range of

stoichiometries, e.g. titanium carbide, that make them useful as hard coatings on

Fig. 1.8 An example of

crystal structure of an

interstitial carbide,

i.e. transition metal carbide

with the carbon atoms (red)
sitting in the interstices of

close-parked metal atoms

(e.g. titanium or tungsten).

Interstitial nitrides have a

similar crystal structure

except that the carbon atoms

are replaced by nitrogen

atoms

2An interstitial compound is formed when an atom of sufficiently small radius such as hydrogen,

boron, carbon and nitrogen sits in an interstitial “hole” in a metal lattice. The most common ones

with important industry applications are transition metal carbides and nitrides, e.g. titanium

carbide and tungsten carbide.
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metal or metal containing cutting tools (Ettmayer and Lengauer 1994). In terms of

general abrasive applications, tungsten carbide (WC) is the most widely used

especially in the form of cemented carbide where the WC particles are bonded

together via a liquid-phase sintering process using a metal binder. Silicon carbide

and boron carbide, B4C, are the other two interesting materials although different

from transition metal carbides. These two materials have higher hardness compared

to their transition metal carbide counterparts owing to the short covalent bonds

between Si or B atoms and carbon atoms.

Nitrides are quite similar to carbides and can also be classified into three general

areas depending on the nature of interatomic bonds, i.e. ionic, interstitial and

covalent (Oyama 1996). Interstitial nitrides (i.e. nitrides of group IV–VI transition

d-metals) have similar atomic structure to interstitial carbides, except that carbon

atoms are now replaced by nitrogen atoms. Therefore, the properties of these

materials in terms of hardness and stiffness are very similar to those of their carbide

counterparts. In addition to high hardness, interstitial nitrides are also known for

their good chemical resistance and are usually employed as hard chemical-resistant

coatings (see Chap. 6). Covalent nitrides like boron nitride, similar to covalent

carbides (e.g. silicon carbide or boron carbide), are extremely hard and have very

high melting points.

2.2 Cermets

Cermets are hard and wear-resisting materials mainly based on the carbides or

nitrides of metals and bonded with a lower melting point metal such as cobalt,

nickel, etc. The most common ones are carbides of transition metals (e.g. tungsten,

tantalum, titanium, molybdenum, niobium and vanadium) bonded with cobalt via a

liquid-phase sintering process (Wang et al. 2016; Childs 2000; Cardinal

et al. 2009). The hard particles are “glued” together by the metal alloy to form a

metallic composite. These cermets or hard metals combine the high hardness and

strength of metallic carbides (e.g. tungsten carbide, titanium carbide, tantalum

carbides) or carbon nitrides (e.g. TiCN) with the toughness and plasticity of a

metallic alloy binder such as cobalt, nickel and iron (Cardinal et al. 2009). In this

case, the hardness and toughness of the bulk material can be tailored as required, for

example, high toughness can be achieved with higher amounts of the metallic

binder phase. Cemented tungsten carbide (WC) is the most widely used material

of all the cemented carbides, nitrides and carbon nitrides. Its industrial applications

include mining, oil and gas, bearings and as general wear parts.

The earliest cemented carbides are thought to have been developed at the

beginning of the twentieth century with the first patent filed in 1923 by Treuhand-

Gesellschaft für elektrische Glühlampen mbH in Berlin, Germany (Schr€oter 1923;
Green et al. 1996: 744; Childs 2000). However, it was not until after the Second

World War (WW2) that the market for cemented carbides really took off. The

reader can consult literature by Schubert and Lassner (2010), Konyashin and

Klyachko (2015) and Childs (2000) which give a very good extensive overview
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of the history of cemented tungsten carbide and its adoption as a material of choice

in many industrial applications. Today cemented WC, in particular WC–Co

(sintered cemented WC using cobalt as the binding agent), is among the widely

used in the abrasives industry. These include as cutting tools in machining, mining,

oil and gas and wire drawing dies, as general wear parts including bearings and as

materials for, e.g. anvils used in high-pressure and high-temperature presses for

diamond and c-BN synthesis (Schubert and Lassner 2010; Childs 2000). Cemented

carbides can be used to machine a range of materials including metals, wood,

plastics, composites and soft ceramics (Schubert and Lassner 2010). Other novel

potential applications of cemented carbides include as part of high-tech rocket and

aircraft guidance systems (Yulin 2007). Research studies have already employed

steel-reinforced carbide components (or steel bone carbide (SBC)) to form a vital

part of missile inertial guidance systems. This is owing to the material’s outstanding
physical and mechanical properties such as high stiffness or incompressibility.

Figure 1.9 shows the estimated proportions of cemented carbides used in

machining and wear parts applications in 2008 in terms of tonnage (Schubert and

Lassner 2010). Although metal cutting only represents 22%, it represents the

highest turnover (65%) in terms of new material variants due to the high degree

of innovation. Most of the innovation in this area is on achieving the right combi-

nation of hardness and toughness required in continuous and interrupted machining.

Cemented carbides are manufactured via powder metallurgy (PM) process. This

involves the mixing of respective powders (e.g. WC and Co/Fe/Ni) using ball

milling or attrition milling in order to form a powder mix. Different shaping

technologies can then be employed to form a part with desired geometry. These

technologies include die pressing or direct forming, extrusion and powder injection

moulding (PIM). Current technologies also include additive manufacturing

Fig. 1.9 Estimated proportions of cemented carbide materials (mainly cemented tungsten car-

bide) used in machining and wear parts applications in 2008 in terms of tonnage (Schubert and

Lassner 2010)
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methods such as 3D printing and laser sintering. The formed part, produced either

through pressing, extrusion or injection moulding, is then subjected to high-

temperature sintering process in order to obtain a fully dense liquid-phase sintered

body (da Silva et al. 2001; Kim et al. 2003). Current methods also employ spark

plasma sintering (Eriksson et al. 2013). The process and the reactions that take

place during the sintering process are quite complex. The reader can consult the

extensive published literature for details (Lay and Missiaen 2014; Kim et al. 2003;

Christensen and Wahnstrom 2006; Eriksson et al. 2013; Kumar et al. 2011; da Silva

et al. 2001; Wang et al. 2008; Chang et al. 2015; Sun et al. 2015).

The main advantage with cermets is the wide range of hardness and toughness

values that can be achieved by simply changing the proportions of the hard particles

(e.g. WC) and the metallic binder phase as illustrated in Fig. 1.10. The hardness of

the bulk material can also be tailored by changing the particle size of the hard phase,

which is in agreement with the well-established Hall–Petch relationship3 (Hall

1951; Petch 1953). The interspacing between hard WC particles and the cobalt

binder free mean path are important parameters in deriving the right properties of

cemented carbides. Therefore, there is a limit to how much metallic binder can be

used in these composites. When the proportion of the binder phase is very small, it

can result in incomplete wetting of the particles. If the proportion is too high, you

lose the hardness and strength of the material. It is also important to note that these

parameters are not independent of the WC particle size. It is this multiple

interdependency between different factors that makes the engineering of cemented

carbide materials quite complex.

Fig. 1.10 Variations in the hardness (left) and toughness (right) of different WC–Co grades,

i.e. fine, medium and coarse, with increasing cobalt (Co) content. The WC particle sizes for fine,

medium and coarse are 1–2 um, 3–4 um and >5 um, respectively

3Hall–Petch relationship assumes grain boundaries as a barrier to dislocation movement. There-

fore, as the grain size decreases (or grain boundaries increase), it becomes difficult for dislocations

to transverse these boundaries, and hence the yield strength of the material increases. It is

important to note that there is a limit to this mode of strengthening. This is why infinitely strong

materials do not exist. See Chap. 7 for a more detailed discussion.
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The trends in Fig. 1.10 are derived from the actual published data (Okamoto

et al. 2005; Sandvik Hard Materials 2005). The reader is advised to consult

published literature for the actual values of how hardness and toughness (and

other properties such as strength) change with changes in WC–Co compositions

and particle size. However, the main purpose here is to show expected material

behaviour trends rather than the absolute values. The average WC particle sizes for

fine, medium and coarse in Fig. 1.10 are 1–2 um, 3–4 um and >5 um, respectively.

2.3 Oxides of Metals

The most commonly used oxides for abrasive applications are aluminium oxide

(or alumina) and zirconium oxide. Examples of the applications include polishing,

grinding, wear pads, protective coatings on tools and other wearing parts and

sandblasting. Aluminium oxide in its crystalline form4 has a Vickers hardness of

between 20 GPa and 30 GPa (Bl’anda et al. 2013a, b; Alcalá et al. 2002), which is

better than most cemented carbides. On the other hand, zirconium oxide has a much

lower hardness usually below 8 GPa (Din and Kaleem 1998). Apart from the high

hardness, these materials also offer high corrosion resistance and ability to with-

stand high temperatures without chemical degradation. The biggest drawback with

aluminium oxide is its relatively low fracture toughness compared to cemented

carbides, which is usually no greater than 5 MPa/m0.5. This limits its use in

applications such as cutting tools for machining. Higher toughness values of up

to 10 MPa/m0.5 are realisable with zirconium oxide. However, this is still much

lower than what can be achieved with tougher cemented carbide grades.5 In

addition, zirconium oxide does not offer any significant benefit over cemented

carbides in terms of hardness (see Fig. 1.5).

Like in cemented carbides, the hardness and toughness of these oxides can be

improved by addition of other elements or compounds. For example, Din and

Kaleem (1998) were able to enhance the hardness of partially stabilised zirconium

oxide by addition of cerium oxide. Perkins (2006) was able to demonstrate that

doping aluminium oxide with rare earth elements enhances the toughness of the

material. This was thought to be caused by the segregation of these elements to the

grain boundaries which affect the grain boundary strength and changes the mode of

fracture from that of trans-granular fracture to intergranular fracture. Other exam-

ples include the use of techniques such as biomimicry and three dimensionally

interpenetrating structure composites to engineer ceramic composites with signif-

4 The hardness of amorphous alumina is about 3–4 times lower than crystalline alumina (Alcalá

et al. 2002).
5 Commercially available cemented tungsten carbide (WC–Co) grades used as cutting tools have

toughness values of up to 25 MPa/m0.5.
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icantly enhanced mechanical properties that make them more “usable” industrial

materials (Chang et al. 2010; Bl’anda et al. 2013a, b; Livanov et al. 2015; Roya

et al. 2012).

3 Superhard and Ultrahard Materials

The only two traditional materials that fall into this category of superhard and

ultrahard materials are cubic boron nitride and diamond, respectively. Other mate-

rials may include carbon nitrides, ternary compounds of nitrides, cubic BC2N

(Solozheko et al. 2001), carbides and borides and some nanostructured materials

and nanocomposites discussed later in Chap. 6. Diamond has Vickers hardness

greater than 80 GPa, which makes it ultrahard. Cubic boron nitride (c-BN), which is

the second hardness material, has a Vickers hardness value of about 50 GPa. Some

of the new nanostructured materials and nanocomposites have been reported to

have hardness values comparable to that of cubic boron nitride and in some cases

close to that of diamond. One example is the quasi-ternary nc-TiN/Si3N4/TiSi2

nanocomposites which are thought to reach hardness values in excess of 50 GPa as

discussed in Chaps. 4 and 6. Some publications claim values of about 100 GPa

although this is highly disputable. This is discussed in great detail in Chap. 6.

3.1 Diamond

Diamond is intrinsically ultrahard (i.e. Vickers hardness >80 GPa) because of its

short covalent bonds (1.54 Å) between its carbon atoms and cubic crystal structure.

It is a metastable allotrope of carbon6 with atoms arranged in a modified version

of face-centred cubic (fcc) crystal structure referred to as the “diamond cubic”

or “diamond lattice”. Figure 1.11 shows two examples of carbon allotropes,

i.e. diamond and graphite.

Unlike natural diamonds whose properties can widely vary due to variations in

defect density and level of impurities, synthetic diamond can be manufactured with

more controlled and consistent properties. Therefore synthetic diamonds are pre-

ferred for most industrial applications. The other reason is of course the relative

lower cost and ability to make it in sufficiently high volumes using high-pressure

presses or chemical vapour deposition. These two manufacturing methods are

discussed further in Chap. 2. Controlling the type and level of impurities or defects

in diamond crystal can significantly improve its mechanical properties such as

6 Because of its valence, carbon has the ability to form many allotropes. The common ones are

diamond and graphite. In recent years, many other allotropes of carbon have been discovered,

e.g. buckminsterfullerene, graphene, amorphous carbon and carbon nanotubes (Loos 2015).
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strength, hardness and toughness. For example, doping of diamond with elements

such as nitrogen can be used to tailor its strength (Espinosa et al. 2006; Catledge

et al. 1999).

Owing to its extremely high hardness, diamond is widely used in industrial

applications requiring very high resistance to abrasion wear. It can be used as single

crystals (for machining or as abrasive particles in lapping, polishing and grinding

operations) or as a polycrystalline material where individual grains are connected

together via grain boundaries. One area where diamond is predominantly being

used is in oil and gas drilling, mainly as polycrystalline diamond cutting tools.

These tools consist of a polycrystalline diamond layer in situ sintered onto a

tungsten carbide substrate via a HPHT sintering route. The use of diamond in oil

and gas has transformed the economics of the drilling activities by increasing

efficiency, offering high penetration/drilling rates and reducing drilling times and

providing longer tool life which means less number of drill bit changes (Scott

2006). The later reduces downtime and enables better planning of drilling activities.

Figure 1.12 shows the growth in the use of diamond as cutting tools in oil and gas

drilling applications. By 2004, diamond accounted for nearly 60% of the footage

drilled. Today, it is the material of choice in this application. Although polycrys-

talline diamond is successfully used in oil and gas drilling, it still at times suffers

from catastrophic failures due to its inherent low fracture toughness. It also has poor

thermal stability at high temperatures (Westraadt et al. 2015). Therefore, research

and innovation on polycrystalline diamond materials is still ongoing in order to

improve toughness and thermal stability (Kanyanta et al. 2014a, b; McNamara

et al. 2015; Westraadt et al. 2015; Keshavan et al. 2008).

Fig. 1.11 Examples of carbon allotropes, i.e. diamond (left) and graphite (right). Graphite has a
much lower hardness compared to diamond because of its layered crystal structure with very weak

van der Waals bonds holding the layers together. Several other carbon allotropes exist (Loos 2015)

1 Hard, Superhard and Ultrahard Materials: An Overview 15



3.2 Cubic Boron Nitride

Cubic boron nitride or c-BN is the second hardness material after diamond. Its

synthesis process involves the dissolution of hexagonal boron nitride (h-BN7) in a

solvent–catalyst such as an alkaline metal or its nitride, followed by spontaneous

nucleation of c-BN under high-pressure and high-temperature (HPHT) conditions

(Eko et al. 2013). The high hardness and bulk modulus of c-BN are due to the short

covalent bonds (i.e. 1.57 Å) between boron and nitrogen atoms and the close-

packed cubic crystal structure (Fig. 1.13). However, unlike diamond, c-BN is

insoluble in iron, nickel, cobalt and other metal alloys making it suitable for

machining of ferrous materials and cobalt-based or nickel-based superalloys. In

addition, c-BN also has better thermal stability compared to diamond (Goel

et al. 2012). It can be used at temperatures of up to 2000 �C8, whereas diamond

starts to oxidise at temperatures above 600 �C or 700 �C in open atmosphere

(Westraadt et al. 2015). Chapter 2 presents a more extensive discussion on the

industrial applications of both c-BN and diamond.

Fig. 1.12 Growth in the use of diamond-based tools (mainly HPHT sintered polycrystalline

diamond) in oil and gas drilling application (Source: Scott 2006, The History and Impact of
Synthetic Diamond Cutters and Diamond Enhanced Inserts on the Oil and Gas Industry (Scott

2006))

7 Hexagonal boron nitride (h-BN) is a more stable crystalline form compared to c-BN (just like

graphite is more stable than diamond) and has a layered structure similar to graphite (Fig. 1.9).

Within each layer, strong covalent bonds exist between boron and nitrogen atoms. However, the

layers are only held together by weak van der Waals forces which make h-BN relatively soft

(or less resistant to plastic deformation) compared to c-BN.
8 c-BN is also susceptible to transformation to h-BN at high temperatures. However, in relative

terms, it is much more thermally stable than diamond.
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3.3 Nanostructured Materials and Nanocomposites
of Carbides, Nitrides and Borides

Nanostructured materials and nanocomposites of interstitial, covalent and ternary

compounds of carbides, nitrides and borides are a promising area of research for

development of new superhard materials (Chen et al. 2011). Already superhard

nanocomposites of these compounds have been prepared with hardness values

greater than that of cubic boron nitride, e.g. quasi-ternary nc-TiN/Si3N4/TiSi2

nanocomposites and other related materials discussed in Chap. 6. This continues

to be an interesting area of future research especially if diamond and c-BN are to be

replaced by cheaper superhard materials which do not need the use of high

pressures of several gigapascals required in the manufacturing of synthetic diamond

and c-BN. For example, rhenium diboride and tungsten tetraboride can be

synthesised in bulk quantities via arc melting under ambient pressure (Chung

et al. 2007; Mohammadia et al. 2011). Apart from Chap. 6, the reader can also

consult the work by Lowther (2014) entitled “From Diamond to Superhard Borides

and Oxides” which looks at other materials that can potentially be superhard.

However, one should bear in mind the important discussions presented in Chap. 6

that not all materials and systems (including those discussed by Lowther (2014) and

in other literature) can be superhard. Furthermore, although hardness enhancement

can be achieved in nanostructured materials, it is limited by grain boundary shear

when the crystallite size decreases to 10–15 nm called the “strongest size”. How-

ever, when low-energy grain boundaries such as stacking faults and twins are

introduced, the grain boundary shear can be reduced resulting in significant hard-

ness enhancement. The reader is advised to read Chap. 6 which discusses these

mechanisms in great detail.

Fig. 1.13 Crystal structure of cubic boron nitride. Its high hardness is due to the short covalent

bonds (i.e. 1.57 Å) between boron and nitrogen atoms and the close-packed cubic crystal structure
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4 Book Overview: Why Microstructure–Property
Correlation Is Important

It is obvious that in order for one to design a material with tailored properties, an

understanding of how the microstructure affects the properties of the material is

essential. There is also a need to understand how such a microstructure can be

arrived at by establishing the influence of processing parameters as earlier illus-

trated in Figs. 1.6 and 1.7. Arriving at this microstructure–property correction is not

trivial. Of fundamental importance is ensuring that correct analytical tools and

experimental techniques for analysing the microstructure and accurate determina-

tion of properties are used. This is the central theme to this book and extensively

discussed in the chapters presented later on (i.e. Chaps. 2–7). With an exception of

Chap. 2 which discusses the applications of superhard and ultrahard materials,

Chaps. 3–6 focus on the principles of microstructure–property correlations in

superhard and ultrahard materials. Although Chaps. 3–6 focus on superhard and

ultrahard materials, as these are the most challenging materials when it comes to

characterisation and properties measurements, reference is also made to hard

materials such as oxides, carbides, nitrides and borides. This book is also designed

to enhance the understanding of mechanical material behaviour and why the choice

of appropriate characterisation and properties measurements tools is important to

deriving accurate microstructure–property correlations.

Chapter 3 explores the correlations between the microstructures and resulting

properties from a theoretical framework, looking at key microstructure features and

their effect on mechanical properties such as hardness, fracture toughness, strength,

wear and thermal properties. The chapter discusses a number of analytical and

empirical structure–property–behaviour model(s) and the difficulty in extending

these theories to hard and superhard materials, as well as nanostructured materials.

The focus of Chap. 4 is on the measurements of hardness of hard and superhard

materials and coatings. It highlights the difficulties associated with the use of

indentation methods when applied to super- and ultrahard materials and suggests

ways in which incorrect measurements can be avoided. This includes the use of a

classical two-step method, where, after the indentation with a given load, the size of

remnant indentation is measured by a microscope, in order to verify results obtained

from “nanoindentation”. The chapter also gives special attention to the measure-

ment of the mechanical properties of super- and ultrahard thin films on softer

substrates. Chapter 5 looks at fracture toughness measurements of hard and

superhard materials and highlights significant limitations associated with several

fracture testing methods. The book concludes with a very extensive discussion on

superhard and ultrahard nanostructured materials, composites and coatings

(Chap. 6) and a brief overview of the future of hard and superhard material design,

processing and manufacturing, mainly in terms of the use of additive manufacturing

technologies such as 3D printing and injection moulding.
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Bl’anda M, Balko J, Duszová A, Hvizdoš P, Dusza J, Reveron H (2013a) Hardness and indentation

fracture toughness of alumina-silicon carbide nanocomposites. Acta Metallurgica Slovaca

Conf 3:270–275
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Chapter 2

Applications for Superhard and Ultra-Hard
Materials

Dr. Christopher John Howard Wort

Abstract The highest performing abrasive materials are classified as either

superhard or ultra-hard, based on their measured hardness. Synthetic diamond, in

its various formats, is the only ultra-hard material currently used for industrial

applications. The largest current application area for synthetic diamond is still in the

abrasives markets which are expanding as new, ‘difficult-to-machine’ materials

(such as CFC and MMC materials) become more widely used. The advent of CVD

diamond technology has opened up a vast and diverse range of new applications

beyond machining and wear parts. It is the unique combination of extreme proper-

ties available in diamond, beyond its exceptional hardness, that allows these

applications to be realised, and CVD diamond is currently used in submarines

(for sensors) to satellites (for windows and heat spreaders) and everywhere in

between.

Cubic boron nitride (cBN), in its various formats, is a truly superhard material

which currently compliments diamond in abrasive markets due to its ability to very

effectively precision machine ferrous-based materials (unlike diamond). Currently,

cBN and PCBN are only commercially produced by HPHT techniques for abrasive

applications; however, it is likely that in the near future, CVD techniques to

produce pure cBN layers and large monocrystals will be available. If this is the

case, then cBN would find new applications beyond its use as an abrasive, such as in

electronics and optical markets.

This chapter not only describes the major current applications for diamond and

cBN but also gives details about potential novel and exciting industrial applications

of the future, based around the unique combination of extreme properties available

in diamond and cBN, beyond simply their exceptional hardness.
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1 Introduction

The terms ‘superhard’ and ‘ultra-hard’ materials refer to a small class of materials

that exhibit a load independent hardness value in excess of 40GPa and 80GPa,

respectively (Wentorf et al. 1980). Diamond, with a Vickers hardness in excess of

100GPa (70–150GPa (Haines et al. 2001)), is the only known ultra-hard material

commercially produced for industrial applications. The close-packed hexagonal

form of carbon known as Lonsdaleite, which appeared to exist in extraterrestrial

sources (but never seen during diamond synthesis or extreme pressure experiments)

and can exhibit a hardness greater than diamond (Carlomagno and Brebbia 2011),

has recently been found to actually be faulted and twinned cubic diamond (Németh

et al. 2014) and, as such, Lonsdaleite does not exist as a discrete material.

The cubic form of boron nitride (cBN) has a hardness of >40GPa (Leichtfried

et al. 2002) and is commercially produced for industrial applications and is con-

sidered below. At extremely high pressures (around 50GPa), it is possible to

produce cubic boron carbonitride (cBCN) samples (Solozhenko et al. 2001), but

due to the need to use a diamond anvil cell to produce it, cBCN is not available for

industrial applications, so not considered here.

All the other ‘hard’ materials (as shown in Table 2.1) have a hardness below the

40GPa ‘bar’ too low to earn the accolade of superhard; however, the rare wurtzite

form of boron nitride (wBN) has been produced via static high-pressure or dynamic

shock methods (Soma et al. 1974). The limits of its stability are not well defined.

Both cBN and wBN are formed by compressing h-BN, but the formation of wBN

occurs at much lower temperatures close to 1700 �C (Vel et al. 1991) and is worthy

of a very brief mention in this chapter.

Borides of osmium (OsB2) and rhenium (ReB2) are not considered here and

deemed to be only of academic interest at this time.

Table 2.1 Materials under

consideration
Vickers hardness of selected hard materials

Material Vickers hardness (GPa)

Diamond 115

Lonsdaleite 152

c-BC2N 76

cBN 48

OsB2 37

B4C 30

WB4 ~30

ReB2 ~20

wBN ~34

The majority of the data reproduced here is courtesy of Element

Six which is a major supplier of not only super- and ultra-hard

materials produced by high-pressure high-temperature (HPHT)

techniques but also diamond produced by chemical vapour depo-

sition (CVD) techniques
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2 Properties of Ultra-Hard Materials

The stable form of crystalline carbon at STP is graphite, whereas at higher temper-

atures and pressure (above the well-known Berman-Simon line), the cubic form of

carbon is stable and is diamond. The structure of diamond is shown in Fig. 2.1.

Diamond is metastable at STP, so if created by, for example, HPHT techniques,

above the Berman-Simon line, it retains its unique, ultra-hard cubic structure when

taken down to STP. Prior to the 1950s, only natural diamond was available for niche

abrasive applicationswhere nothing elsewould do.However, with the advent of HPHT

processes to synthesise diamond, the demand for diamond abrasive materials has

increased considerably year on year. Figure 2.2 shows the development of synthetic,

ultra-hard and superhard materials over time, with key innovation dates (courtesy of

Element Six) that have led to new, ultra-hard materials becoming available.

Fig. 2.1 The cubic

structure of diamond

Fig. 2.2 The development of synthetic diamond and CBN materials (courtesy of Element Six

(E6))
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Diamond is quite a remarkable material due to it being mono-elemental and

bonded in a very tight and stiff covalent lattice. This gives rise to many of

diamond’s unique and extreme properties.

3 HPHT Synthetic Diamond Materials

Applications for HPHT diamond can be subdivided into two categories. The first

category contains applications that basically rely primarily on the extreme hardness

of diamond single-crystal materials (grits and plates), whilst the second category

relies on not only the hardness but also the toughness properties of HPHT sintered,

polycrystalline composites of diamond (PCD). Figure 2.3 shows the application

areas for each of these categories which are described in more detail below.

4 Brief Introduction to Abrasive Machining

By using grinding, lapping and polishing processes, diamond is used to precision

machine ‘difficult-to-machine’materials (usually hard and brittle materials, such as

ceramics and glasses but also non-ferrous metals (and alloys), such as titanium

which, although ductile, is very tough at elevated temperatures making it difficult to

machine). Grinding, lapping and polishing processes using diamond are all relying

HPHT Synthesised
Diamond materials

Monocrystalline 
Diamond (grits and 

plates)

Polycrystalline
Diamond (PCD)

• Metalworking
• Woodworking
• Dressing
 Applications
• Wire Drawing
• Precious Metal 
 Machining

• Metalworking
• Woodworking
• O&G cutter

Fig. 2.3 Abrasive

applications for HPHT

synthetic diamond (courtesy

of E6)
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not only on the extreme hardness and stiffness of diamond (allowing penetration

into the workpiece without distortions) but also the chemical inertness of diamond

when it abrades against (or cuts into) another material.

In general, materials abrade differently depending upon their hardness and

microstructure and the way in which they are machined.

The main difference between grinding and lapping/polishing processes is that

whilst grinding processes have the abrasive retained in a solid matrix, both lapping

and polishing use a loose abrasive in a slurry. Polishing is basically lapping on a far

finer scale and lapidary (reducing the size of the abrasive in a sequence of steps) is

used to sequentially remove subsurface damage induced by the previous lapping/

polishing step. In general, ductile materials (which are machined by plastic flow)

are easier to machine than brittle materials (which are machined by chipping and

fracturing) in the sense that a smooth surface can be achieved over a wide range of

parameters, resulting in a constant chip thickness (desirable).

Ductile machining processes lead to a low dynamic load on the tool and relatively

low cutting forces (within a comparable class of materials). Materials machined in a

ductile mode result in a smooth surface; however, due to stress induced into the

surface through incorrect machining parameters, the surface integrity could be low

(e.g. residual stresses and surface hardness can be critically high, in tensile as well as

in compressive state). However, the best machining results in terms of workpiece

shape accuracy and surface quality (roughness and hardness) can only be achieved by

a ductile mode machining, which is why machinists always try to establish this

condition. By definition, this condition always requires plastic deformation beyond

the yield point of the material. Even for brittle materials, polishing and lapping

processes are inherently ductile removal processes, whereas grinding of brittle

materials can be either a ductile or brittle removal processes depending on workpiece

material and machining parameters (Bifano et al. 1991).

Bifano et al. (1991) found that ductile-regime grinding can be achieved by

ensuring that the grinding apparatus has a stiff structural loop, real-time control

of the grinding infeed, relative isolation from environmental disturbances and state-

of-the-art wheel trueing techniques. In addition, he concluded that all brittle

materials will undergo plastic flow rather than fracture if the depth of machining

is small enough and that there is a correlation between the grinding infeed rate that

corresponds to the brittle-to-ductile transition for a particular brittle material and

the properties (Kc, H and E) of the material.

The main parameter influencing the machining of the brittle materials is the

undeformed chip thickness which dictates the transition between the ductile to

brittle machining. As such, it is the depth of cut (or protrusion size of grit) which is

the key parameter, with smaller depths of cut more likely to remove material in a

ductile rather than brittle mode. By controlling a stiff, accurate grinding apparatus

so that it has an exceptionally small scale of material removal, brittle materials can

be ground in a ductile manner. As a result, brittle workpieces can be machined in a

deterministic process, whilst producing surface finishes characteristic of those

achieved in nondeterministic, inherently ductile processes such as lapping and

polishing (Bifano et al. 1991; Venkatachalam et al. 2013, 2015; Andersson

et al. 1999).
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So, from the above, we would like the diamond abrasive to induce plastic flow in

the workpiece to give a precision finish. That can be achieved by selecting the correct

size and nature of the diamond abrasive. This is where the diamond abrasive supplier

is able to offer a product well matched to a machining requirement (material and

process) by engineering the diamond particles in terms of size and particle strength

(the ease with which the brittle diamond particles fracture to maintain a good cutting

edge rather than rounding). For example, finer diamond particles are generally

tougher than larger particles (as the flaw size is smaller after milling down from a

larger size) and will generally give a finer finish, albeit more slowly than a courser

grit. Diamond abrasives synthesised under different conditions, or milled material vs

as-grown material, also exhibit different fracture characteristics.

5 Applications for Diamond Synthetic Diamond Grit

Diamond grit is produced by HPHT processes using a solvent catalyst (Hall 1960),

and depending upon the synthesis conditions (by varying: temperature (T), pressure

(P), driving force for crystallisation (DFc) and time), it is possible to tailor the size,

shape and distribution of the grits produced by changing the growth rates of the

<100> and <111> crystal directions. This is shown schematically along with

typical HPHT synthesis conditions in Fig. 2.4 below.

Fig. 2.4 The effect of HPHT synthesis conditions on diamond crystal morphology (DFc is driving

force for crystallisation) (courtesy of G Davis (E6))
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By operating at pressures above 5.5 Gpa, the synthesis temperature range (above

the Berman-Simon line) is around 300 �C, with higher temperatures giving octa-

hedral crystals, whilst lower synthesis temperatures provide cubic morphology

crystals. This is shown in the SEM micrographs of Fig. 2.5 below. In general,

cubo-octahedral crystals (equal mix of {100} and {111} facets) are preferred for

abrasive applications.

Impurity atoms can absorb and be incorporated into the crystal growth steps

during diamond synthesis. The dominant impurity in HPHT crystals is nitrogen,

where single N atoms are incorporated substitutionally into the diamond lattice

within the range typically 90–200 ppm. The single substitutional N gives synthetic

diamond crystals (classified as Type Ib) their distinctive yellow colour. The vast

Fig. 2.5 Showing that synthesis conditions affect the morphology of the grits produced. Predom-

inantly ranging from octahedra shown (at the top) through to cubic morphology (at the bottom)
(courtesy of E6)
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majority of HPHT-synthesised diamond is type 1b and is used in abrasive applica-

tions; however, by reducing the nitrogen content and adding a boron source to the

synthesis capsule, electrically conducting diamond can be synthesised

(Dubrovinskaia et al. 2006). Engis market is electrically conducting boron-doped

diamond grit as ‘Hyprez’. Boron-doped diamond can be used to enhance the

conductivity of PCD (aiding electric discharge wire cutting) and potentially has

uses in electrochemical applications (www.engis.com.pdf.FastLapCatalog.pdf).

Diamond suppliers offer a wide range of engineered abrasives (www.engis.com.

pdf.FastLapCatalog.pdf; www.e6.com), often with a variety of metallic or ceramic

coatings (to aid incorporation and retention into and in grinding wheel matrices,

respectively). The range offered by one such supplier (Element Six), with the

number of markets served by each, is shown in Fig. 2.6.

If the aim is simply material removal (i.e. rough machinability in a narrow

sense), then one can find that during the cutting of some brittle materials, lower

cutting forces (which can result in lower workpiece distortion) have been observed

(Venkatachalam et al. 2013, 2015). This is due to the high brittleness and low

fracture toughness of the workpiece material resulting in a brittle material removal

mode by intensified chipping. In this mode, the specific microstructure of the

material plays an important role, and if chipping or crack formation is occurring,

the resultant surface roughness will be comparably high with poor form shape

accuracy. The abrasive cutting edges are loaded dynamically due to a less stable

and controllable material removal process. In the brittle machining mode, the chips

are often very small as intensive cracking occurs. The brittle material removal mode

starts before the material yield point is reached, which is why crack formation and

rough surfaces result.

Fig. 2.6 The range offered by one such supplier (E6) of diamond and cBN abrasives (www.e6.

com)
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6 Applications for Synthetic HPHT and CVD Diamond
Monocrystals

Typically, HPHT monocrystals are type 1b and are used in precision machining

applications, although through the use of getters to remove N from the synthesis

process, transparent HPHT diamond can be grown and has been used, for example,

as X-ray monochromators (Stoupin et al. 2014) due to the low stress and crystalline

quality of such material. CVD monocrystals would be classed as Type IIa diamond

(no detectable nitrogen in the IR spectrum). Both forms of synthetic monocrystals

are pure diamond and can be used for precision machining applications, such as

wire drawing and single-point turning. In addition, the CVD monocrystalline

material can be produced in a purity and crystal perfection that opens up appli-

cations in nonabrasive markets including electronics, optics, sensors and quantum

optics. In quantum optical materials, all the defects are minimised during the

growth process and then a specific defect (the NV centre) is generated using

native or implanted nitrogen (this is described in more detail later). Irradiated,

annealed and finely crushed (to nm sizes) certain HPHT monocrystalline mate-

rials can also be used in quantum applications as fluorescent tags in vivo (Le Sage

et al. 2013). At the time of writing, the largest commercially available synthetic

diamond monocrystals would be around 10 mm � 10 mm; however, the size of

CVD monocrystals is getting larger year on year, mainly driven by optical and

electronic application requirements. Figure 2.7 shows a selection of diamond

monocrystalline plates suitable for cutting tool applications and Fig. 2.8 shows

typical application areas.

Single-crystal synthetic diamond materials are also used in the healthcare sector,

primarily through products used in laser treatments, surgical applications and

radiotherapy dosimetry detectors.

Synthetic diamond has a unique combination of optical and thermal properties,

as well as being biocompatible, which enables it to be used in a wide range of

demanding therapeutic and curative laser applications. Major applications currently

cover noninvasive surgery where synthetic diamond optical components (probes)

are part of a fibre optical system delivering high-power laser beams used as a

‘lancet of light’. These laser-based technologies may replace traditional surgery

with the benefits of limiting the burden for the patient and allowing the operation

to be performed in a minimum time span and therefore at a lower overall cost

(www.e6.com).

The consistency and reliability of supply currently available in synthetic dia-

mond materials has helped increase the use of synthetic diamond in surgical

applications, such as synthetic diamond knives for ophthalmology (see Fig. 2.9),

synthetic diamond milling tools for intraocular lenses and ultramicrotome knives.
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• Metalworking.
• Woodworking.
• Dressing Applications.
• Wire Drawing
• Precious Metal Machining
• Ophthalmic blades
• Ultramicrotome knives 

MONOCRYSTAL CUTTING BLANKS

MWS PT2: available in
edge lengths up 4.0mm
in thickness of 1.2mm

MLP: available in edge
lengths up 7.5mm in
thickness of 1.2mm

MWS: available in
edge lengths up
5.5mm in thickness
of 1.2mm

MONOPLATES available for
view on the website at:
Available in edge lengths up
10.0mm

MCC: CVD single crystal
diamond available in edge
lengths of 4.0mm, in 4 point
& 2 point orientations

MT:  Specified shapes
and dimensions cut to
suit customer
requirements
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Fig. 2.7 Diamond monocrystalline plates commercially available for cutting applications (cour-

tesy of E6)

Fig. 2.8 Typical abrasive application areas for diamond monocrystalline plates (courtesy of E6)



7 Applications for HPHT Polycrystalline Diamond (PCD)

7.1 Introduction to PCD and HPHT Sintering

Polycrystalline diamond (PCD) is formed by sintering diamond particles under

HPHT conditions. Sintering is a thermal treatment for bonding particles into a

coherent, predominantly solid structure via mass transport events that often occurs

on an atomic scale. There are various methods used to do this on an industrial scale,

and the PCD properties can be tailored to specific applications by selecting the size

distribution (modal mix) of the diamond particles and the HPHT sintering condi-

tions. Powders can be densified by plastic flow at pressures above the yield strength,

which decreases at elevated temperatures. Pressure applied during the sintering

cycle aids densification by plastic flow, and at high temperatures and low stresses,

diffusional effects are important. Under high-pressure and high-temperature con-

ditions, both plastic flow and diffusion aid sintering.

To form free-standing PCD, the diamond particles are mixed with a solvent

catalyst (usually Fe, Ni or Co mixtures) which, when it melts under the HPHT

conditions, dissolves some of the finer diamond particles and graphitic phases

(produced during the cold compaction phase) to form a saturated solution. New

diamond is deposited on the original particles to liquid-phase sinter (LPS) the PCD

into a dense, well-intergrown ceramic. To form backed PCD (a relatively thin PCD

layer supported by a metallic substrate, usually WC/Co), LPS is again used, but the

sintering metal comes from the diffusion of liquid Co from the substrate itself. The

interfacial bonding between the WC/Co substrate and the PCD layer is usually very

good, allowing the backed PCD to be planarised and subsequently diced into

cutting tools. Figure 2.10 schematically shows the HPHT process to manufacture

PCD by liquid-phase sintering, whilst Fig. 2.11 shows the various HPHT process

steps. Figure 2.12 shows well-sintered PCD material.

Fig. 2.9 Synthetic

diamond knives for

ophthalmology (courtesy

of E6)
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Fig. 2.10 Schematically

showing the HPHT process

to manufacture PCD by

liquid-phase sintering

(courtesy of E6)

Fig. 2.11 Showing the HPHT process steps to manufacture PCD by liquid-phase sintering
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7.2 Abrasive Applications for PCD

The total market opportunity (TAM) for high-pressure high-temperature (HPHT)

produced ‘superabrasive’ materials in 2014 was estimated to be around £1.5B per

annum of which the oil and gas (O&G) cutter market alone is estimated to be worth

£0.33B pa. with around 32,000 O&G cutters being produced per week to service the

circa. 2500 rigs worldwide.

Figure 2.13 shows where PCD sits on a hardness against toughness diagram for

precision machine tool materials. Although not quite as hard as pure diamond, PCD

is still far harder than other materials and has an increased toughness over pure

diamond. That being the case, PCD is often the material of choice when precision

machine requires a tough and abrasion-resistant materials.

Finer-grained PCD tends to be harder and more abrasion resistant than courser-

grained PCD but not as tough. As a result, finer-grained PCD material is specified

for the machining of abrasive materials, whereas courser-grained PCD is better

suited to interrupted cutting. If diffusion from the WC/Co substrate is used to sinter

the PCD, finer-grained PCD materials are more limited in thickness than the

courser-grained PCD materials, as it is harder for the Co to diffuse through the

tighter matrix during sintering (Table 2.2).

PCD is usually supplied to tool makers as a polished disc of PCD backed by a

WC/Co substrate. The included metal aids the cutting of the PCD into tool blanks

(prior to precision grinding) using electrical discharge machining. The metallic

Fig. 2.12 Showing well-sintered PCD material (courtesy of E6)
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Fig. 2.13 Showing where diamond, PCD and PCBN fit on the ideal cutting tool graph (courtesy of

E6)

Table 2.2 Recommended PCD material and cutting speeds for various materials

Work material Process

Cutting speed

(m/min) First choice PCD

AlSi> 12%Si MMC Turning/boring 500 CTM302

Milling 500–1000 CTM302

(CMX850)

AlSi< 12% Si Turning/boring 500–1000 CMX850

Milling �1500 CMX850

Carbides and

ceramics

Sintered 20–50 CTM302

Green 100–200 CTM302

Bi-metals Milling 200–400 CTM302

Grey Iron Turning/boring/

reaming

300 CTM302

CGI and SGI Turning/boring 200 CTM302

Milling 300 (800) CTM302 (DBW85)

Fibre composites Turning/boring 200–500 CTM302

Milling/routing 200–1000 CMX850

Titanium Turning/boring 100–200 CMX850

Milling 200–400 CMX850

Note: finer-grained PCD (CMX850) and a courser-grained material (CTM302) (courtesy of

Element Six)
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phase within the PCD also increases the toughness of the PCD as the metal tends to

put the PCD into compression (a result of differing thermal expansion coefficients).

Provided the PCD operational temperature does not exceed around 500 �C, there is
no downside in having the metal present during precision machining.

PCD is also finding applications as a wear part for extreme environments;

however, due to difficulties in fabricating precision polished, 3D shapes and the

limitation in area imposed by HPHT techniques, PCD wear parts are currently only

addressing a relatively small market.

7.3 PCD for Oil and Gas Cutters

A particularly harsh application for PCD materials is encountered when drilling for

oil and gas (O&G). Figure 2.14 shows a typical WC/Co drill bit head which will

have around 50 PCD cutters brazed into the ‘wings’ and Fig. 2.15 shows a typical

Fig. 2.14 Typical drill bit

with fixed cutters

Fig. 2.15 A typical PCD cutter (courtesy of E6)
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PCD cutter. During the exploration for O&G, many different rock formations could

be encountered, some will be more abrasive than other, and many will consist of

hard phases mixed in with a softer phase, causing impacts on the cutter cutting edge

whilst drilling. These impacts can cause micro-cracks, chipping and spalling which,

when severe, prevent the progressing of the drilling. Figures 2.16 and 2.17 show

cutters that have spalled during operation.

In all O&G drilling operations, the drill string operator would like to hit the

target depth without incurring costly downtime required to replace the PCD cutters.

To this end, PCD cutters for O&G applications are engineered by the manufacturers

Fig. 2.16 A spalled cutter

Fig. 2.17 Seriously

damaged cutters via

spalling
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to give not only consistent and predictable wear rates but also an inherent toughness

to prevent spalling.

Quite often the high temperature encountered during drilling necessitates the

removal of Co from the cutter. This has several affects: on the plus side, the removal

of Co increases the thermal stability of the cutter (reduces graphitisation at elevated

temperatures) and prevents accelerated wear caused by stresses induced due to the

thermal expansion mismatch between Co and the PCD matrix. However, removing

the Co phase tends to reduce the toughness of the PCD. As a result, cutter suppliers

generally offer differing depths of Co removal depending on the application

requirement. At present there is no ‘standard’ cutter or one size fits all but rather

a range of cutter designs suited to different drilling requirements.

8 Chemical Vapour Deposition (CVD) Diamond

8.1 Brief Introduction to CVD Diamond

Whereas HPHT techniques synthesise diamond in its region of bulk thermody-

namic stability (above the Berman-Simon line), CVD techniques synthesise dia-

mond in its region of bulk metastability by using surface kinetics/chemistry to

maintain the diamond structure during growth. There are many ways to do this

(Klages 2000); however, all the CVD techniques require the following:

• A gaseous source of carbon heated to above circa. >1600 �C
• A means to generate atomic hydrogen at the growing surface

• A substrate to deposit the diamond on maintained at >600 �C

Typically, the gaseous source of carbon would be methane (as it is cheap and can

be bought in a highly pure form), and the heating source is usually a hot filament or

a plasma discharge (usually at microwave frequencies), both of which also generate

the atomic hydrogen in sufficient quantities necessary for the CVD diamond growth

process. Hot-filament processes have the advantage of larger area deposition

(300 mm wafers) at the expense of linear growth rate (which is <1um/h) and

quality. The highest-quality CVD diamond materials (in terms of crystalline per-

fection and purity) are grown by microwave plasma-assisted CVD (MPACVD)

techniques, where growth rates in excess of 5um/h can yield electronic quality

single or polycrystalline material with a very low defect density. However, thin film

cutting tools (where the quality is less important so long as it is a diamond layer) are

often grown using a hot-filament process.

By varying the CVD deposition parameters, such as gas pressure, substrate

temperature, substrate type, methane/hydrogen concentration, flow rate and gas-

eous additives (e.g. for B-doping), different types of CVD diamond can be

optimised for any given application. Figure 2.18 schematically shows a generic

MPACVD reactor system and Fig. 2.19 a hot-filament system manufactured by sp3

inc.
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Fig. 2.18 Schematically showing a generic MPACVD reactor system

Fig. 2.19 A hot-filament

deposition system

manufactured by sp3 inc
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8.2 Applications for Polycrystalline CVD Diamond

Whereas the extreme hardness opens up the abrasive applications for diamond,

applications for diamond synthesised by chemical vapour deposition (CVD) tech-

niques utilise combinations of other extreme properties of diamond. The list below

shows the unique combination of extreme properties available in CVD diamond.

The more of diamond’s extreme properties required by an application, the more

likely diamond is the preferred solution:

1. Very broad transmission spectrum

2. Highest thermal conductivity known

3. Highest resistance to thermal shock

4. Low thermal expansion coefficient

5. High chemical (and bio) inertness

6. Highest Young’s modulus known

7. Highest Vickers hardness of any material

8. High tensile strength

9. Good electrical insulator when intrinsic

10. Good electrical conductor when doped

11. Low dielectric constant

12. Low dielectric loss

13. Wide electronic bandgap

14. High electronic mobility

There are many potential applications that could be served by CVD diamond,

and new applications appear on a regular basis as engineers become more familiar

with the properties and availability of CVD diamond materials. Many applications

are well covered in other articles (Susmann et al. 2000), such as diamond for use as

a heat spreader for electronic devices, IR windows and thin film cutting tools. For

this article I have tried to concentrate on the major applications and newer appli-

cations for CVD diamond that are not covered in much detail elsewhere.

9 CVD Diamond as an Extreme Performance Optical
Material

9.1 Diamond Windows for High Power Transmission

CVD diamond can be fabricated as either planar plates or shaped components in a

thickness suitable for processing into optical elements. One of the first applications

for polycrystalline CVD diamond windows was for use as high-power exit windows

for CO2 lasers (Susmann et al. 2000). As shown in Fig. 2.20, high-quality CVD

diamond is transparent from around 0.3um to 3um and then for all
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wavelengths>7.0um. In the mid-IR range of 3–7um, the multi-phonon absorption

present in all diamond limits its use to above or below this wavelength region.

There are several other materials that could be used for output windows on CO2

lasers, with ZnSe being a prime candidate as it has a very low absorption loss at the

CO2 laser wavelength of 10.6 μm (although this is generally nullified by the need

for antireflection coating); however, as shown in Table 2.3 below, apart from a

lower absorption coefficient than diamond, ZnSe is inferior in every other respect,

and this is a good example of the unique combination of properties available with

diamond.

It is of vital importance that the exit beam remains undistorted when passing

through the output window. Distortions in the window are caused by localised

heating when laser beam power is absorbed. The perfect power transmission

window would thus have (a) a very low overall absorption (absorption coefficient

of window and coatings x window thickness), (b) a low thermal expansion coeffi-

cient (less change in geometry with temperature), (c) a high thermal conductivity

(ability to spread heat away from heated volume), (d) a high strength and Young’s
modulus (allowing a thinner window to be used) and (e) a low change in refractive

index with temperature. Figure 2.21 shows the temperature profile for a diamond

and ZnSe CO2 laser window when passing a 5 kW beam.

Fig. 2.20 The IR transmission of uncoated, high-quality CVD diamond windows and CVD

diamond material

Table 2.3 The salient

properties of interest for a

CO2 laser output window

(Susmann et al. 2000)

Property (at 300 K) CVD diamond ZnSe

Thermal conductivity (W/mK) 1800–2100 16

Thermal expansion (ppm/K) 0.9 7.6

Thermo-refraction (dn/dT) (1/K) 1E-5 6 E-5

Fracture strength (MPa) 400–600 50

Typical thickness (mm) 0.7–1.0 6

Young’s modulus (GPa) 1050 70

Bulk absorption (1/cm) <0.07 0.0005
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When all the salient features are considered for this power transmission window,

diamond is over 200� better than ZnSe allowing more perfect beams (less phase

change) and higher powers to be deployed as shown in Fig. 2.22.

This is also true for other power transmission windows used at other wave-

lengths, such as the windows used for high-power (1 MW at 144GHz) gyrotrons for

fusion experiments (Susmann et al. 2000). The gyrotron windows differ from the IR
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Fig. 2.21 Temperature profile for ZnSe and CVD diamond windows, 5 kW laser beam (Susmann

et al. 2000)

Fig. 2.22 Diamond is over 200� better than ZnSe for CO2 laser exit windows (Susmann

et al. 2000)
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windows as they are fabricated to be an integral number of half wavelengths in

terms of electromagnetic thickness, thus not requiring any antireflection elements.

This has the advantage that the window surfaces are pure diamond and are thus

completely scratch resistant. By placing a water-cooling circuit at the window

periphery, powers in excess of 1 MW have been successfully transmitted through

CVD diamond gyrotron windows—a factor of 4� greater than that of a cryogen-

ically cooled alternative window (Susmann et al. 2000). Figure 2.23 shows a CVD

diamond gyrotron window used for several international thermonuclear

experiments.

9.2 CVD Diamond Domes for Heat-Seeking Missile
Applications

As shown above, diamond is highly transparent in the long-wave IR (LWIR—8 to

14 um) region of the spectrum. This, when combined with exception hardness and a

high thermal shock resistance (due to a high thermal conductivity and low thermal

expansion coefficient), allows diamond to be considered for LWIR heat-seeking

missile applications (Mollart Tim et al. 2001). The CVD diamond synthesis process

allows the diamond to be uniformly deposited onto an accurately formed hemi-

spherical mandrel. Once released from the mandrel, the outer and inner surface

dome surfaces can be processed (form generated and polished) to ensure the

Fig. 2.23 High-power transmission CVD diamond gyrotron windows (Susmann et al. 2000)
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necessary concentricity for LWIR imaging. Figure 2.24 shows a polished CVD

diamond dome suitable for LWIR imaging, whilst Fig. 2.25 shows the LWIR image

taken through the dome.

The ability to manufacture and process non-planar diamond samples (Susmann

et al. 2000) opens up other extreme performance applications including medical

prosthetic devices (hip joints) and loudspeaker ‘tweeters’.

Fig. 2.24 A polished CVD

diamond dome

Fig. 2.25 LWIR image through the dome
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9.3 Loudspeaker Tweeters

The combination of a low density and high Young’s modulus and strength make

diamond a very high-performance high-sound frequency material. Figure 2.26

shows an as-grown CVD diamond dome (around 40um thick) mounted on a

voice coil by Bowers and Wilkinson Ltd (B&W). It is currently used to give almost

perfect sound reproduction for the upper range of the audible spectrum. Alternative

tweeter materials such as aluminium or beryllium can give undistorted pistonic

action at frequencies up to around 30 kHz and 50 kHz, respectively. However, the

imperfect pistonic motion (dome distortion) at higher frequencies can cause

unwanted break-up frequencies that can be heard in the audible region (below

20 kHz). Diamond, being far stiffer, can maintain the perfect pistonic motion

without distortion at frequencies up to around 70 kHz, giving an almost perfect

sound reproduction. This is shown in Fig. 2.27. Bowers and Wilkins are currently

using diamond tweeters in their top-of-the-range 800 series loudspeaker systems, as

shown in Fig. 2.28.

9.4 Diamond Hip Joints

CVD diamond is an ideal hip joint material due to its low coefficient of friction, low

wear rate and high biocompatibility. However, since CVD diamond is a brittle

material, the prosthetics industry is unlikely to adopt a CVD diamond joint until the

Fig. 2.26 A diamond

tweeter
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toughness is far higher than currently demonstrated. In terms of wear, prototype

CVD diamond hip joints have been tested for over 2 million test cycles (on a hip

simulator), and the wear was demonstrated to be very low compared to other hip

joint materials. Figure 2.29 shows a prototype CVD diamond hip joint.

PCD hip joints have also been fabricated (Pope et al. 2006) and evaluated, and

whilst the toughness of PCD is not a limiting factor, the biocompatibility of the Co

phase could potentially be an issue. This is a future application for either tougher

CVD diamond or leached/back-infiltrated PCD.

Fig. 2.27 The break-up frequency of different tweeter materials (courtesy of Bowers & Wilkins

Ltd)

Fig. 2.28 The B&W 800 series with a CVD diamond tweeter (courtesy of Bowers &Wilkins Ltd)
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9.5 CVD Diamond for Electronics and Radiation Detectors

Diamond is extreme in this group of wide bandgap materials that includes silicon

carbide (SiC) and gallium nitride (GaN). Diamond electronic devices, such as

power diodes and high-frequency field effect transistors, were expected to deliver

outstanding performance due to the material’s excellent intrinsic properties, which
include high carrier mobility and high breakdown field (Isberg et al. 2002).

Table 2.4 summarises semiconductor material electronic properties and their ther-

mal conductivities. Unfortunately, despite considerable effort over the last 20 years,

researchers have not been able to achieve the required performance from doped

diamond (in particular, n-type diamond that appears to be very elusive). Intrinsic-

based devices and unipolar devices have been demonstrated (Wort and Balmer

2008) but generally do not perform as well as one might expect.

In contrast to the limitations of doped diamond, the intrinsic properties of

diamond make it an ideal material for a variety of detectors: it is radiation hard

Fig. 2.29 Prototype hip

joint with both ball and cup

surfaces made from CVD

diamond hemispheres

Table 2.4 Material properties and figures of merit (normalised to Si) at room temperature for Si,

4H-SiC, GaN and diamond

Si SiC-4H GaN Diamond

Bandgap (eV) 1.1 3.2 3.44 5.47

Breakdown field (MV/cm) 0.3 3 5 20

Electron mobility (cm2/Vs) 1450 900 440 4500

Hole mobility (cm2/Vs) 480 120 200 3800

Thermal conductivity (W/cmK) 1.5 5 1.3 24

Johnson’s figure of merit 1 410 280 8200

Keyes’ figure of merit 1 5.1 1.8 32

4H is the polytype of SiC that is considered best suited for power electronic devices (highest

mobility having a combined high mobility and high thermal conductivity). The diamond values are

those recently reported for electronic grade CVD diamond (Isberg et al. 2002)
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due the high density of strong bonds; the wide bandgap makes the devices blind to

solar radiation and can allow very small signals to be detected with low noise

levels; the high thermal conductivity makes temperature control straightforward;

and the structures are often very simple—typically consisting of either an i layer or

a p-i bilayer with an appropriate pattern of metallisation to form ohmic contacts on

one or both sides.

Element Six has two ‘electronic grades’ of CVD diamond as shown in Fig. 2.30.

Polycrystalline material (available in wafers up to 118 mm in diameter) is suitable

for many detector applications, whilst the high-purity, single-crystal material (cur-

rently available in wafers up to a maximum of 8� 8 mm) is required for active

electronic devices, such as FETs. Both materials are available to a thickness in

excess of 1 mm.

A key parameter is the charge collection distance (how far the charge generated

can move under an applied field before it is lost by recombination). A typical

construction of a diamond solid-state ionisation chamber is shown in Fig. 2.31.

Extremely high-quality SSC-diamond material is available (Isberg et al. 2002) and

allows the development of a range of radiation hard detectors for X-rays, ultraviolet

light (UV), alpha particles, neutrons and other nuclear and subnuclear particles.

Neutron detectors made from polycrystalline CVD diamond have been demon-

strated, but they are not suitable as the basis of a commercial device as the response

is too noisy and broad. SSC-diamond gives much lower level of defects and a

cleaner, larger signal, together with a higher sensitivity.

The SSC-diamond neutron detector envisaged consists of an i-diamond layer

with a thin, heavily boron-doped layer on top (10B has a high neutron capture cross

section). The 10B-neutron interaction yields an alpha particle, which generates

charge as it crosses the i-diamond layer; it is this charge that is measured to give

the signal. A typical construction is shown schematically in Fig. 2.32.

Fig. 2.30 Element Six has two ‘electronic grades’ of CVD diamond, polycrystalline (LHS) and

monocrystalline (RHS)
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Diamond is close to ideal as choice of material for dosimetry detectors in

radiotherapy. The Z-value is close to that of water (i.e. tissue equivalent), the

sensitivity is high and it withstands high doses of radiation without degrading.

The problem with polycrystalline CVD or natural single-crystal diamond is vari-

ability within and/or between samples; SSC-diamond offers optimum performance

Fig. 2.31 A typical construction of a diamond ionisation chamber (courtesy of E6)

Fig. 2.32 A typical construction of a diamond neutron detector, where the 10B layer yields a

1.47 MeV alpha particle which generated e-h pairs for detection in the diamond ionisation

chamber
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in a simple and highly reliable package once the material and contact technology

have been optimised for this application.

CVD diamond radiation detectors have been used in the following applications:

• Particle physics—beam condition monitors, trackers and beam abort systems

• Dosimetry—radiation therapy, equipment calibration and active exposure

monitoring

• Nuclear applications—homeland security, nuclear reactors and fusion

experiments

• Synchrotrons—white beam monitoring

• UV detectors—photolithography, flame detection and solar physics

• Alpha/beta—air flow and survey metres and waste incineration

9.6 Boron-Doped Diamond for Electrochemistry

It is relatively easy to boron-dope CVD diamond by simply adding diborane

(usually diluted with hydrogen or Argon) into the CVD diamond synthesis cham-

ber. Low levels of boron doping lead to semiconducting, p-type diamond, whilst

higher levels can lead to quasi-metallic conduction, with a low defect density, when

the boron concentration exceeds 3� 1020 ppm (Koppang et al. 1999) giving a

resistivity of typically 0.4� 1.0� 10�3 Ωm. Figure 2.33 shows the effect of

boron concentration on electrical conductivity.

Since the diamond surface is mechanically robust and chemically inert, boron-

doped diamond exhibits (a) a very wide electrochemical window (the range of

Fig. 2.33 The effect of boron concentration on CVD diamond electrical resistivity (courtesy of

E6)
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voltage that can be applied to the electrode before water is either reduced or

oxidised), (b) a low background current and (c) long-term stability (Granger

et al. 1999; Nebel and Ristein 2004).

The other properties of diamond make it a unique electrode material, namely:

• Biocompatible

• Varied surface terminations possible

• Chemically inert

• Non-fouling

• Mechanically robust

• Non-porous

Highly doped diamond can be used as an electrode in numerous electrochemical

applications, ranging from water sanitation and ozonised water generation to elec-

trochemical sensors of hostile environments (Koppang et al. 1999). The wide elec-

trochemical window is shown in Fig. 2.34, compared with other electrode materials.

The wide electrochemical window allows a whole host of redox reactions within

the voltage window in an aqueous solution, allowing small perturbations to the

Fig. 2.34 Cyclic voltammogram showing the wide electropotential window for boron-doped

diamond, with low background current and noise
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cyclic voltammogram to indicate the presence and amount of a particular species

when compared to a calibrated reference. In addition, oxidising radicals can be

produced within the electrolyte or at the diamond—electrolyte surface. These two

facts allow diamond electrodes to be used as electrochemical sensors and electrodes

for water treatment.

9.7 Electrochemical Sensors Based on b-Doped Diamond

The very wide electrochemical window available with b-doped diamond allows it

to be used for a wide range of robust and chemically inert sensing applications.

Sensors can be configured in many different ways, specifically depending on the

species of interest. Figure 2.35 shows a typical coplanar sensor structure for more

general applications.

To make a simple coplanar sensor electrode (e.g. as shown in Fig. 2.35), the

following steps are used:

(a) Starting with a polished piece of intrinsic CVD diamond, laser cut into it

(or otherwise etch) the electrode pattern desired.

(b) Clean the etched pattern to remove any non-diamond carbon.

(c) Return to CVD reactor and grow b-doped diamond over the etched surface.

(d) Polish back the b-doped layer until the intrinsic base layer is revealed, leaving

b-doped diamond in the etched features.

In this way a whole variety of electrode structures can be manufactured in CVD

diamond; the advantage of the coplanar electrode is that it is all diamond and thus

chemically and biologically inert, and the conducting b-doped diamond is electri-

cally isolated in such a way that the electrode surface area is well defined.

Fig. 2.35 Typical contacting options for coplanar b-doped diamond sensors that can be optimised

to sense: conductivity of solutions, PH level, dissolved gases and undesirable impurities in water

(ranging from heavy metals to explosives) (courtesy of Warwick University)

2 Applications for Superhard and Ultra-Hard Materials 55



9.8 Water Treatment

Electrolytic Ozone Inc. (EOI) has developed and commercialised a revolutionary

platform for generating ozone in water. Ozone kills nearly every known pathogen

and is one of the most effective deodorisers known to man. Synthetic diamond

anodes enable ozone to be produced on a scale that is suitable for homes, restau-

rants, hotels and hospitals more efficiently and more reliably than any other

technology currently available (www.e6.com; www.eoi-oxygen.com).

Figure 2.36 schematically shows the EOI ozone generation cell. An

ion-permeable membrane separates two electrodes, the anode is made of boron-

doped diamond, and the cathode can also be boron-doped diamond or a suitable

metal. The anode is highly perforated (by cutting slots or holes into the diamond

plate) to give as many ‘triple points’ (where diamond, water and membrane are in

contact) as possible. When driven by a small voltage, ozone is generated at the

triple point on the anode side, with a proton being exchanged through the membrane

to the cathode side, where hydrogen is generated. Dissolved ozone remains in the

water for many minutes, depending upon concentration and water temperature, and

is available in a safe form for sanitisation applications. Figure 2.37 shows an EOI

battery operated spray bottle for dispensing the ozonated water.

Boron-doped synthetic diamond has unique physical, chemical and electrochem-

ical properties enabling efficient oxidation of organic and inorganic compounds, via

the production of highly oxidising radicals within the water to be treated or at the

diamond electrode surface in contact with the water.

Fig. 2.36 Schematically

shows the EOI ozone

generation cell (www.eoi.

oxygen.com)
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Table 2.5 shows that the highly oxidising hydroxyl radical can be generated at

the diamond anode, along with many other useful oxidising species (including

ozone). Referring back to Fig. 2.34, we can see that only high-quality CVD

diamond is able to reach the +2.8 V necessary to generate the hydroxyl radical.

The hydroxyl radical is extremely short lived (around 10�9 s) and is thus only

available for oxidation of organics at the diamond anode surface. Figure 2.38

shows an as-grown boron-doped CVD diamond electrode that is 130 mm in

diameter and around 400 microns thick. In industrial applications (an example

of which is shown in Fig. 2.39), many such electrodes are placed in parallel to give

a very large surface area which, when driven with sufficient current density of

1000–5000 A/m2 at voltages around 3 V, can produce sufficient quantities of

oxidants to effectively ‘electrochemically incinerate’ most organic pollutants,

chemical or biological.

Fig. 2.37 A prototype

EOI dispenser (courtesy

of EOI Inc)

Table 2.5 Showing the

oxidation potential for

oxidants

Oxidant Oxidation potential

Fluorine 3.0

Hydroxyl radical 2.8

Ozone 2.1

Hydrogen peroxide 1.8

Potassium permanganate 1.7

Chlorine dioxide 1.5

Chlorine 1.4
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Applications include removal of dyes; treating landfill leachants; destruction of

formaldehyde; removing toxins, pesticides and solvents; converting ammonia to nitro-

gen without producing nitrates; and removing odours from sulphurous mercaptans.

Electrolytic Ozone Inc. is also developing technologies to exploit synthetic diamond’s
superior characteristics for these applications (www.e6.com; www.eoi-oxygen.com).

Fig. 2.38 Shows an as-grown boron-doped CVD diamond electrode that is 130 mm in diameter

and around 400 microns thick (courtesy of E6)

Fig. 2.39 Showing two, multiplate diamond electrochemical reactors for industrial scale water

treatment
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9.9 Thermal Management Applications

The exceptionally high thermal conductivity (5� that of the next best thermal

conductor) combined with electrical insulation makes diamond the heat spreader

of choice for many high power density applications (Susmann et al. 2000). One

such application is spreading the heat away from laser diode junctions. This was

one of the earliest applications for CVD diamond and is covered well by Susmann

(Susmann et al. 2000).

More recently, the integration of CVD diamond with GaN on a wafer scale has

become possible, allowing higher power densities to be achieved at radio frequen-

cies (Altman et al. 2014).

Table 2.6 compares the electronic properties of various semiconductor materials,

and although it is apparent that diamond would excel as a semiconductor material,

limitations imposed by the lack of a suitable dopant currently relegate diamond to

uses where the intrinsic properties can be deployed.

SiC and GaN are very important wide bandgap materials showing great promise

for both switching and RF power applications. The properties of both SiC and GaN

materials are exciting to designers due to their ability to operate at higher voltages,

higher power densities, higher temperatures and higher frequencies compared to

their silicon counterparts. The high critical field of GaN compared to Si (3.5� 106

cf 0.3� 106 V/cm) is a property which allows GaN devices to operate at higher

voltages and lower leakage currents. Having higher electron mobility and electron

saturation velocity make GaN devices better suited than Si for higher frequency of

operation. GaN’s electron mobility is higher even than that of SiC, making GaN the

best material for very high frequencies, where power transmission is required.

However, as shown in Table 2.6, GaN’s thermal conductivity is not high enough

by itself to enable it to reach its full potential for power density, which makes heat

management for GaN devices a challenge for system designers.

GaN epitaxial layers are typically grown on either a ‘nonnative’ Si or SiC

substrate. In both cases, there are crystal lattice differences which need to be

taken into consideration. One way to do reduce the stress induced by lattice

mismatch is through the use of transition layers. These transition layers cause an

Table 2.6 Comparing the electronic properties of various semiconductor materials (Wort and

Balmer 2008)

Si SiC-4H GaN Diamond

Bandgap (eV) 1.1 3.2 3.44 5.47

Breakdown field (MV/cm) 0.3 3 5 20

Electron mobility (cm2/Vs) 1450 900 440 4500

Hole mobility (cm2/Vs) 480 120 200 3800

Thermal conductivity (W/cmK) 1.5 5 1.3 24

Johnson’s figure of merit 1 410 280 8200

Keyes’ figure of merit 1 5.1 1.8 32
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important drawback for GaN devices because they have a higher density of defects

and reduced thermal transport properties. To address this and improve the thermal

performance, GaN-on-diamond technology is an attractive alternative.

9.10 GaN-on-Diamond’s Advantages

High-quality GaN-on-diamond wafers have been demonstrated to have GaN epi-

taxy quality virtually identical to the original layers as grown on Si substrates.

State-of-the-art HEMTs made with GaN-on-diamond technology show excellent

electrical DC and RF properties. By eliminating the transition layers as shown in

Fig. 2.40, it has been demonstrated that GaN-on-diamond transistors can also

achieve power densities more than three times those of GaN-on-SiC devices

(Dumka et al. 2013). And the thermal barrier resistance (TBR) between gate

junction and substrate can be as much as 50% less with GaN-on-diamond devices

compared to GaN-on-SiC devices (Pomeroy et al. 2013) as shown in Fig. 2.41.

These two advantages can generate significant system-level benefits for defence

applications (e.g. radar and EW) and commercial applications (e.g. cellular base

stations and communications/weather satellites). By way of examples:

1. GaN-on-diamond RF power amplifiers can be used to reduce cooling complexity

and cost in varying degrees whilst increasing lifetimes.

2. A threefold increase in power density means devices can be 1/3 the size—saving

on weight and complexity.

3. Processing three times fewer GaN-on-diamond wafers than GaN-on-SiC to

achieve the same RF output power means significant reductions in fab costs,

some of which could be passed on to the system maker in a reduced power

amplifier price per watt.

Fig. 2.40 GaN-on-diamond eliminates the need for performance-limiting transition layers (cour-

tesy of E6)
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4. System designers may be able to use fewer power amplifier devices by taking

advantage of the higher power density to generate more power per device of the

same size. Fewer power amplifiers would mean a reduction in peripheral cir-

cuitry, thereby lowering system cost.

Preliminary high-temperature operating life test data show a reliability improve-

ment for GaN-on-diamond devices compared to the control GaN/Si devices pro-

duced from the same original GaN epitaxy. Most importantly, due to diamond being

within a micron of the GaN epi, power densities of three times that of GaN/SiC and

its thermal impedance is up to 50% lower than GaN/SiC.

These GaN-on-diamond thermal advantages will lead to:

(a) Reduced $ per watt RF power amplifiers due to more devices per wafer

(b) Reduced RF system cooling costs—both fixed costs and operating expenses—

due to a higher allowable ambient temperature

(c) Reduced size of the RF power amplifier and its related parts

(d) Reduced size and weight at the system level where cooling apparatuses are

typically bulky and heavy

9.11 Future Applications in Diamond Quantum Technology

Synthetic diamond has recently emerged as a candidate material for a range of

quantum-based applications including: secure quantum communication, quantum
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Fig. 2.41 GaN-on-diamond power devices run significantly cooler than GaN on SiC for a given

power output due to the better heat spreading ability of CVD diamond (courtesy of E6)
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computing and magnetic/electric field sensing. Quantum applications use the

extreme world of quantum physics to perform operations that are not possible in

systems following classical physics.

Diamond-based quantum technology offers potential solutions in two of the key

challenges of the twenty-first century: that of biomedicine and the continual growth

of the information economy. Diamond has the ability to do this using defects as a

quantum resource. The specific diamond defect that can be used for these applica-

tions is the nitrogen-vacancy defect (NV), the unique properties of which allow its

quantum states to be manipulated and read out using light, all at room temperature.

In quantum-based applications, the synthetic diamond acts as a host for impurities

or defects, acting like a solid-state atom trap. The quantum properties of these

impurities, such as the nitrogen-vacancy defect, can be individually manipulated

and made to interact, and photons of light emitted from these impurities can be used

to read out their quantum information. A recent review article in Physics Today
(Lilian et al. 2014) by Lilian Childress, Ronald Walsworth and Mikhail Lukin

clearly very nicely explains (Fig. 2.42) the basic physics and processes used to

realise diamond quantum devices (from the article Lilian et al. (2014)).

9.12 The Structure of the Nitrogen Vacancy

The NV centre, is a point defect made of a nitrogen atom substituted for carbon with

an adjacent lattice vacancy. (a) In its negative charge configuration, the defect has a

net electronic spin S ¼1 (red arrow) on the vacancy V, with nearby nuclear spins

Excited
state
S = 1

Ground
state
S = 1

ms = ±1

ms = 0

V

N 63
7 

nm

M
W

13C

a b

Fig. 2.42 Taken from Physics Today, article 67(10), 38 (2014) by Lilian Childress, Ronald

Walsworth and Mikhail Lukin
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(blue and orange arrows) on nitrogen and carbon-13 impurities. In the confocal

microscope image of diamond (inset), the fluorescence reveals individual NV

centres. (b) The NV electronic state can be excited resonantly with 637-nm-

wavelength light (red) or nonresonantly using shorter-wavelength light (green),

after which the atom fluoresces at longer wavelengths (brown) following fast

phonon relaxation. Black dashed arrows represent the relaxation through vibra-

tional levels (yellow). Microwaves (MW) drive spin transitions between ms
sublevels.

For biomedical applications, these quantum defects are used as magnetic field

sensors which will enable ‘cellular-MRI’ capabilities; these have the ability to

revolutionise medical diagnostics and drug design. For the information economy,

the diamond defects can be used as qubits to form quantum repeaters for the

backbone of ultra-secure quantum communication networks, quantum simulators

and various roles in quantum computing. A lot of scientific development will be

required to access these ambitious goals, but the key enabler to this is the diamond

material and diamond processing. The high-purity diamond material has been

developed and sold commercially by E6 for the advancement of these applications;

the potential application markets are shown in Fig. 2.43.

Demonstrations of diamond-based magnetic field imaging have already been

performed showing the ability to measure magnetic fields from bacteria, hard drive

platens, tagged blood cells and even meteorites (Le Sage et al. 2013; Maletinsky

et al. 2012). To move this technology from the academic laboratory to a widely

used characterisation tool requires improvements in sensitivity and resolution,

which in turn require improvements in diamond quantum device processing

technologies.

Magnetic sensing
Science 346, 1089–1092 (2014).

Nano-magnetic 
sensing

Nat Nano 7, 320–324 (2012).

Nano-thermometry
Nature 500, 54–58 (2013).

Scanning near field 
Microscopy

Nano Lett. 13, 3152–3156 (2013).

Pressure sensing
Nat Commun 5, 4065 (2014).

Nano E-Field sensing
Nat Phys 7, 459–463 (2011)

Quantum Simulation
ACS Nano 9, 7769–7774 (2015).

Gyroscopes
Physical Review A 86, (2012).

Quantum 
Communication

Nature 497, 86–90 (2013).

Quantum 
Computing

Science 316 1312-6 (2007)

Maser
Nat Commun 6, 8251 (2015).

Timing
Physical Review A 87, (2013).

Fluorescent nuclear
track detector

physica status solidi (a) 212 2641 (2015)

Fig. 2.43 Potential applications for diamond quantum devices with references to the application
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9.13 Potential Markets for Diamond Quantum Devices

In quantum computing, synthetic diamond can be used as quantum bits or qubits

(analogous to 1 and 0 in classical computers), which could potentially allow

quantum computers to solve certain problems that would not be possible with

standard computers.

For magnetic field sensing, synthetic diamond’s quantum properties can be used

to detect very small magnetic fields. Synthetic diamond-based magnetometers have

a wide field of potential applications, such as detecting magnetic fields associated

with the ion flow through membrane channels in cells, an application which has

important implications for drug development.

A vast number of potential market applications exist for diamond quantum

devices (Fig. 2.43). The size of these markets for this disruptive technology is

huge, for example, in 2012 the high-performance computer market was $5.6 billion,

and the market for laboratory equipment in 2013 was ~ £137 billion. Diamond only

addresses some of the issues in these areas and the diamond serviceable market will

thus be a small percentage of these big markets; however, this is still considerable

and estimated to be worth of order $1.3b.

9.14 Properties of Superhard Boron Nitride

The properties of cBN and wBN are homogeneous and isotropic. The cubic

(sphalerite or zinc-blende structure) of boron nitride (cBN) is isostructural and

isoelectronic to diamond, does not occur in nature and is produced from hexagonal

BN using similar HPHT techniques and processes to those used to synthesise

diamond from graphite. It possesses similar properties to diamond and in some

respects has advantages over diamond as, unlike diamond, it is (a) chemically inert

to ferrous materials at high temperature and (b) for electronic applications it can be

doped to exhibit either n- or p-type semiconductivity. Its hardness is superior to all

commercially available materials except diamond. The rare wurtzite (wBN) mod-

ification may even be harder than the cubic form (Pan et al. 2009). Figure 2.44

shows the structural differences between cBN and wBN.

Polycrystalline cBN with grain sizes on the order of 10 nm is also reported to

have Vickers hardness comparable or higher than diamond (Tian et al. 2013).

Because of much better stability to heat and metals, cBN surpasses diamond in

many mechanical and abrasive machining applications (Engler 2007). The thermal

conductivity of BN is among the highest of all electric insulators (see Table 2.7).

Boron nitride can be doped p-type with beryllium and n-type with boron, sulphur

and silicon or co-doped with carbon and nitrogen. Both hexagonal and cubic BN are

wide-gap semiconductors with a bandgap energy corresponding to the UV region.

If voltage is applied to cBN (Kubota et al. 2007; Taniguchi et al. 2002), then it

emits UV light in the range 215–250 nm and therefore can potentially be used as
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light-emitting diodes (LEDs) or lasers. Cubic boron nitride is a III-V semiconduct-

ing material but has yet to be exploited in semiconducting applications due to the

small size of crystals available and the lack of CVD synthesis processes.

Despite much research during the past 20+ years, films or plates of cBN, either

polycrystalline or monocrystalline, have yet to be fully commercialised. Unlike

diamond, where CVD techniques are able to produce highly pure bulk wafers of

diamond, such techniques have yet to be realised for cBN equivalents. This is partly

due to the lack of market need as there are other, ‘almost as good’, reasonably hard
materials that are already readily available. These include silicon carbide (as an

abrasive, electronic material and electronic substrate), silicon nitride (as a high-

temperature tough ceramic), sapphire (as an electronic substrate, scratch-resistant

infrared transmission window), zirconia (for bearings and medical implants) and so

on (note: diamond on the other hand is a truly exceptional material being over twice

as hard as the next (readily) available material (cBN) which, when combined with

another from the large range of other truly exceptional and extreme properties of

diamond, opens up its unique applications).

Fig. 2.44 Structural differences between sphalerite cBN (Left) and Wurtzite wBN (right)

Table 2.7 Showing the properties of cBN, wBN and diamond

Material cBN wBN Diamond

Density (g/cm3) 3.45 3.49 3.515

Mohs hardness 9.5–10 �10 (Carlomagno and Brebbia 2011) 10

Knoop hardness (GPa) 45 34 100

Bulk modulus (GPa) 400 400 440

Thermal conductivity (W/m.K) 740 600–2000

Thermal expansion (10�6/�C) 1.2 2.7 0.8

Bandgap (eV) 6.4 4.5–5.5 5.5

Refractive index 2.1 2.05 2.4

Sources: Crystalline BN (Leichtfried et al. 2002; Ioffe 2014) diamond (Ioffe 2014)
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As a result of really being only available (at the time of writing) in submillimetre

crystalline form, applications are limited to make use of its hardness combined with

its chemical inertness in certain situations, i.e. abrasive and cutting tool applications.

Whilst fine powders of CBN can be used to machine ferrous components by

grinding processes (and there are many very skilled tool makers who can optimise

cBN grinding wheel design and lifetime for machining), cutting applications

require the cBN to be present in a different format to manufacture cutting tools.

To this end, polycrystalline CBN (or PCBN) materials have been developed to meet

the market requirements to precision machine ferrous components. Unlike PCD,

where the diamond component is sintered together (i.e. has contiguity), PCBN

materials are compounds where a second phase bonds the CBN crystals together

(i.e. not contiguous). The nature and properties of PCBN materials are thus dictated

not only by the CBN component content but also the properties of the binder

material and composite as a whole.

The following section separates the applications for superhard boron nitride

materials into two. The first section deals with applications for monocrystalline

CBN and the second is for applications for polycrystalline PCBN.

9.15 Physical Properties

The cubic form has the sphalerite crystal structure, the same as that of diamond, and

is also called β-BN or cBN. The wurtzite BN form (wBN; point group¼C6v; space

group¼ P63mc) has the same structure as lonsdaleite, a rare hexagonal polymorph

of carbon. In both cBN and wBN, the boron and nitrogen atoms are grouped into

tetrahedra, but the angles between neighbouring tetrahedra differ between the two

(Silberberg 2009).

10 Applications of Superhard Boron Nitrides

10.1 Cubic Boron Nitride

Cubic boron nitride (CBN or cBN) is widely used as an abrasive (Todd et al. 1994;

Jochen and Schwetz 2005; El Khakani and Chaker 1993). Its usefulness arises from

its insolubility in iron, nickel and related alloys at high temperatures, whereas

diamond is soluble in these metals to give carbides. Polycrystalline cBN (PCBN)

abrasives are therefore used for machining steel, whereas diamond abrasives are

preferred for aluminium alloys, ceramics and stone. When in contact with oxygen at

high temperatures, BN forms a passivation layer of boron oxide. Boron nitride

binds well with metals, due to the formation of interlayers of metal borides or

nitrides. Materials with cubic boron nitride crystals are often used in the tool bits of
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cutting tools. For grinding applications, softer binders, e.g. resin, porous ceramics

and soft metals, are used. Ceramic binders can be used as well. Commercial

products are known under names ‘Borazon’ (by Diamond Innovations), ‘Elbor’ or
‘Cubonite’ (by Russian vendors) and ABN by Element Six.

10.2 Abrasive Applications for cBN Crystals

The desirable characteristics of an abrasive include high hardness, strength, abra-

sion resistance, thermal and chemical resistance and an ability to maintain sharp

cutting edges during use. These characteristics for cBN exceed the values of

conventional abrasives, such as silicon carbide and aluminium oxide. In particular,

the properties of high thermal stability and chemical resistance make it suitable for

machining ferrous materials, an area where synthetic diamond abrasives are not

normally employed.

Hardness is a crucial property of any abrasive. However, most abrasives suffer a

loss in hardness at the elevated temperatures experienced during application. One of

the physical advantages of CBN compared to conventional abrasives is that, in

addition to being harder at ambient temperature, it maintains this hardness over a

wide temperature range.

CBN abrasives provide higher productivity and dramatically longer tool lives

compared to conventional abrasives (WC, SiC and Alumina) when grinding,

honing and fine finishing hardened ferrous materials and difficult-to-machine

alloys. CBN is firmly established in ‘tool and cutter’ grinding and in mass produc-

tion grinding operations in the automotive, general engineering and aerospace

industries. Application examples include:

• Camshafts

• Crankshafts

• Fuel injectors

• Transmission parts

• Gears

• CV joints

• Power steering pump parts and compressor parts

• Turbochargers

• Piston pins

• Valves and seats

CBN is specified for tools grinding ferrous metals and superalloys in Aerospace

and land-based gas turbine components such as vanes, blades, nozzles and seats.

Some of the many advantages of CBN include improved surface finishes and the

production of more favourable compressive residual surface stresses [E6web].

To provide the toolmaker with a choice of abrasives to enable optimisation of the

tool for a specific application, cBN suppliers try to offer a range of abrasives. Each

abrasive material range provides a unique combination of crystal strength, thermal
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stability and crystal morphology and size distribution. Examples of cBN crystals

are shown in Fig. 2.45.

Crystalline cBN grit is engineered during its synthesis to produce crystals that

are not only abrasive but wear and/or break down in a highly predictable manner.

This enables tool to make design precision grinding wheels that perform reliably

and consistently. A range of crystal morphologies is available in various cBN

crystals as shown in Fig. 2.46.

Fig. 2.45 Cubic boron nitride crystals produced by Element Six (ABN900 80/100 US mesh size)

ABN200 ABN800

ABN900ABN600

A
B

N
300

Fig. 2.46 Showing crystal morphologies engineered for specific grinding applications (www.e6.

com)
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10.3 Applications for Polycrystalline Boron Nitride (PCBN)

Polycrystalline cubic boron nitride (PCBN) composites are used for the produc-

tion of precision cutting tools for machining ferrous materials such as hard steels,

grey and hard cast irons and high-temperature superalloys. Different grades of

PCBN are offered to meet specific application requirements. Low-CBN materials

are most commonly used for the finishing of hardened steel components in the

automotive industry and superalloys for land and air turbine engine components.

High-CBN materials are used for rough and finish machining of cast irons and for

extremely abrasive powder metallurgy parts, such as automotive valve seats

[e6 web].

Polycrystalline cubic boron nitride (PCBN) composites are produced by

sintering micron CBN (cubic boron nitride) powders with various ceramics, so as

to produce extremely hard and thermally stable tooling materials. Most PCBN

materials are integrally bonded to a cemented carbide substrate. CBN is the second

hardest material known after synthetic diamond but has high thermal and chemical

resistance properties. PCBN composites provide extreme resistance to deformation

and wear at high temperatures—typically an order of magnitude better than the

nearest ceramic materials.

Although PCBN is manufactured using similar HPHT sintering techniques,

PCBN differs from PCD in that the cBN crystals are not congruent (i.e. not sintered

together) but rather bonded together using either a metallic or ceramic matrix. The

composite material properties are thus dictated by not only the cBN content but also

the binder phase. Different binder phases are used in different applications where

abrasive and chemical erosion can often occur. PCBN is available in various

formats: discs of PCBN backed by WC/Co, free-standing PCBN, high PCBN

content, low PCBN content, metallic binder or ceramic binder and coated versions

of each. Figure 2.47 shows the classification of a variety of PCBN materials

supplied by Element Six, their composition and material properties.

About two thirds of all PCBN tools are used for the machining of hardened

steels, offering a viable, more cost-effective alternative to conventional grinding

processes. Other applications are in the machining of hard, grey and high-strength

cast iron and cold and hot-work tool steels. The machining of nickel and cobalt-

based superalloys is a significant and rapidly growing application area for PCBN.

The chemical composition and microstructure of PCBN grades differ greatly

depending on the application. Lower CBN content materials tend to be more

resistant to chemical wear mechanisms prevalent when continuously turning hard-

ened steels. Where there are interrupts in the workpiece—oil-holes in a shaft, for

example—a medium content grade is preferred, as it offers the best combination of

wear resistance and toughness.

For applications where abrasion resistance is dominant, as in the machining of

grey and hard cast irons, a high CBN grade is the preferred choice. High-content

PCBN (such as E6’s AMB90) also exhibits excellent thermal properties and, being
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available as solid (unbacked) materials, provides additional economic benefits.

Such a material is the workhorse grade for the roughing and finishing of brake

discs and cast iron engine blocks, and typically outlasts ceramic tools by more than

an order of magnitude, whilst operating at cutting speeds in excess of 2500 m/min.

For extreme interrupted cutting applications, such as the milling of hardened steels,

backed, high-content PCBNs are preferred because of their extreme strength and

thermal shock resistance. These materials also have a fine-grain size, thereby

ensuring a good workpiece surface finish, and they are used extensively in the

fine finishing of cast irons and valve seats.

PCBN materials are used to machine materials that are either too hard for

ceramic machine tools or interact with diamond (such as hard steels). The choice

of which type of PCBN to use for any particular precision machining application is

dictated by the interaction of the tool with the workpiece. Figure 2.48 shows where

PCBN fits on the wear-resistance vs toughness diagram and the breakdown of

PCBN usage as a function of cutting speed and severity of steel-hard part turning.

Figure 2.49 shows in more detail which PCBN materials generally work best for a

given application (courtesy of Element Six); however, this will always depend upon

other factors such as machine and operational conditions.

Fig. 2.47 Shows the classification of a variety of PCBN materials supplied by Element Six, their

composition and material properties (courtesy of E6)
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Fig. 2.48 PCBN fits on the wear-resistance vs. toughness diagram and the breakdown of PCBN

usage as a function of cutting speed and severity of hard part turning (courtesy of E6)

Fig. 2.49 Element Six’ generalised recommendation on which PCBN materials work best for a

given application
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11 Summary

Diamond, in its various formats, is the only ultra-hard material currently used for a

diverse range of industrial applications. The unique combination of extreme prop-

erties available in diamond, beyond its exceptional hardness, is what allows these

applications to be realised. However, the largest current application is still in

abrasives markets which are expanding as new, ‘difficult-to-machine’ materials

(such as CFC and MMCmaterials) become more widely used. As a result, suppliers

of diamond-based products for abrasive applications are continuously trying to

improve the performance of their products through innovative synthesis and

processing techniques which are best described as ‘diamond engineering’.
The advent of CVD diamond technology has opened up a vast range of new

applications beyond machining and wear parts, and CVD diamond is currently used

in submarines (for sensors) to satellites (for windows and heat spreaders) and

everywhere in between! New, quantum applications (based around specific N-V

defects within highly perfect diamond structure that exhibit ‘spin’) are likely to lead
to many new and exciting devices in the future.

Cubic BN, in its various formats, is truly a superhard material which currently

compliments diamond in abrasive markets due to its ability to very effectively

precision machine ferrous-based materials (unlike diamond). Currently, cBN and

PCBN are only commercially produced by HPHT techniques for abrasive applica-

tions; however, it is highly likely that in the near future, CVD techniques to produce

pure cBN layers and large monocrystals will be available. If this is the case, then

cBN would find new applications in electronics (it could well prove to be the

semiconductor of choice for high-power switching) and optical markets (e.g. for

high-power LEDs).

In conclusion, I think it is fair to say that currently available super- and ultra-

hard materials have a unique combination of extreme properties beyond simply

their hardness, which are opening up many novel and exciting industrial

applications.
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Chapter 3

Structure-Properties Relationships

Dr. Wallace Matizamhuka

Abstract This chapter explores the correlations between the microstructures of

hard, superhard and ultrahard materials and resulting properties. Key microstruc-

ture features and their effect on mechanical properties (hardness, fracture tough-

ness, strength, wear and thermal properties) are discussed. A number of analytical

and empirical structure-properties-behaviour model(s) are proposed for a range of

hard, super and ultrahard materials, extending from classical theories such as the

Hall-Petch relationship, theory of critical distance and formation of Griffith cracks.

The challenge in extending these theories to nanostructured materials is also

discussed. Furthermore, the chapter addresses, the ‘strength-toughness conflict’ in
hard, super and ultrahard materials and the effect of microstructure on crack growth

behaviour. Some useful techniques that have been utilised to counteract the con-

flicts between strength and fracture toughness are also highlighted. The chapter also

serves as an introduction to the later chapters where techniques for microstructure

analysis and property testing are discussed in greater detail (Chap. 5). In Chap. 6 an

in-depth discussion of nanostructured materials and the effect on material proper-

ties such as hardness, as well as their industrial applications, are presented.

1 Introduction

Hard, superhard and ultrahard materials display exceptional mechanical perfor-

mance in hardness, toughness, incompressibility, thermal conductivity and wear

resistance. This makes them suitable candidates in a wide range of applications

such as mining industry drilling bits in rock cutting and petrochemical industry,

polishing tools and machining tools for advanced aerospace alloys. A more detailed

discussion of these and other applications of superhard and ultrahard materials is

presented in Chap. 2. During operation, the tools are subjected to high-temperature
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wear and multiple interrupted impacts. Despite the superior mechanical properties,

these materials are bound to fail mostly through chipping and fracture owing to

their brittle behaviour, i.e. low fracture toughness. As in all materials, their perfor-

mance is closely linked to the microstructure and obviously the operating

conditions.

Although diamond has sufficed as the hardest material known to man, its

interaction with iron-containing alloys at elevated temperatures limits its industrial

application to machining of non-ferrous and non-metallic materials. In the 1960s a

synthetic superabrasive cubic boron nitride (c-BN) was introduced in the market

(Zheng et al. 1999; Solozhenko et al. 2005; Pierson 1994; Riedel 1992, 1994;

Haines et al. 2001; Brazhkin 2007; Leger et al. 1994; Zerr and Riedel 2000;

Badzian 1981; Nakano et al. 1994; Knittle et al. 1995; Nakano 1996; Zhao

et al. 2002; Komatsu et al. 1996). The value of c-BN as a superabrasive lies in its

much higher oxidation stability compared to diamond and its nobility to iron attack

at elevated temperatures. However the hardness of c-BN is about half that of

diamond. Over the years several attempts have been aimed at filling the hardness

gap between the two traditional superabrasives (Matizamhuka 2010). This has been

driven by the need to obtain an all-purpose, cost-effective superabrasive with a

wider range of applications. A ‘superhard’ material by convention is one whose

hardness exceeds 40 GPa on the Vickers scale of hardness. In this regard, only

diamond and cubic boron nitride (c-BN, hereafter) qualify for this title.1 However,

over the years there have been tremendous efforts in the search for potential

‘superhard’ materials (Solozhenko et al. 2005; Pierson 1994; Riedel 1992, 1994;

Haines et al. 2001; Brazhkin 2007; Leger et al. 1994; Zerr and Riedel 2000;

Badzian 1981; Nakano et al. 1994; Knittle et al. 1995; Nakano 1996; Zhao

et al. 2002; Komatsu et al. 1996). This has been stimulated by the need to design

materials which not only approach diamond in hardness but are more useful and

complimentary to the traditional superhard materials (Solozhenko et al. 2005;

Pierson 1994; Riedel 1992, 1994; Haines et al. 2001; Brazhkin 2007; Leger

et al. 1994; Zerr and Riedel 2000; Badzian 1981; Nakano et al. 1994; Knittle

et al. 1995; Nakano 1996; Zhao et al. 2002; Komatsu et al. 1996). To design hard

and superhard materials, it must be understood what makes these exceptional

materials special. The link between structure and performance of these materials

has been utilised to produce some of the most promising and important superhard

materials. Thus it is imperative to understand such relationships in order to suc-

cessfully develop future functional superhard materials. The review below is not

meant to be completely exhaustive but to give an insight on the influence/role that

microstructural features play on material performance. This chapter also serves as

an introduction to the later chapters where techniques for microstructure analysis

and property testing (Chaps. 4 and 5) and nanostructured materials and effect on

1Diamond can also be considered as ultrahard. Ultrahard materials are those whose hardness

exceeds 80GPa on the Vickers scale of hardness.
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materials properties as well as their industrial applications (Chap. 6) are discussed

in greater detail.

2 Designing Superhard Materials

The synthesis of materials with hardness comparable to diamond has gained

fundamental technological interest over the years (Zheng et al. 1999). This has

emanated from the need of obtaining materials which are more useful rather than

‘harder than diamond’ as highlighted earlier (Solozhenko and Gregoryanz 2005).

This may include materials that are expected to be chemically and thermally more

stable than diamond and harder than c-BN. However to design new ‘superhard’
materials, it must be understood what makes diamond special. It is a well-known

fact that the diamond crystal structure consists of tetrahedrally bonded sp3-

hybridised carbon atoms forming a rigid three-dimensional covalent network of

high symmetry with extreme resistance to shear (Pierson 1994). There exist other

carbon-based materials with shorter and stronger bonds than those in diamond

(e.g. graphite), but these do not form a three-dimensional covalent network as in

diamond, rather these carbon networks are associated with bonding which is

heterodesmic in nature, in which layers are linked by strong covalent bonds and

separated by weak interlayer forces (Van der Waals) (see Fig. 3.1) (Pierson 1994).

A three-dimensional network composed of short, strong bonds is thus critical for

hardness. The short bond length implies a high atomic and mass density comparable

with diamond. Furthermore, a material is considered hard if it resists both elastic

and plastic deformation (Riedel 1992; Haines et al. 2001). In principle, plastic

deformation involves permanent and irreversible motion of atoms with respect to

each other, often through the creation and movement of dislocations (Haines

Covalent bond

Covalent
bond

Carbon atom Carbon
atom

Weak
binding
forces

Structure of Diamond Structure of Graphite

Fig. 3.1 Schematic representation of a diamond sp3-hybridised bonds in comparison to the

layered graphite structure (chemistry.tutorvista.com)
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et al. 2001). This is in contrast with elastic deformation where atoms revert back to

their initial positions after removal of load. Thus highly directional and strong

bonding is of great importance in opposing or resisting such motions. However

microscopic parameters (i.e. type of atom, structure and atomic forces) alone do not

govern the mechanical characteristics of a material but also the morphology of the

material constituents, defects in the sample, methods of measurement and temper-

ature play crucial roles (Haines et al. 2001; Brazhkin 2007).

Furthermore, the strategic search for new superhard materials has also been

directed towards modification of grain morphology and the state of defects to

approach high hardness values (Haines et al. 2001; Brazhkin 2007). Another

consideration in the designing of superhard materials is based on the stiffness of a

material which is basically a measure of the resistance to volumetric compression

(bulk modulus, B) (Riedel 1992; Haines et al. 2001). Often materials with high bulk

moduli values are seen to possess high hardness values (Riedel 1992; Haines

et al. 2001; Brazhkin 2007; Leger et al. 1994). This is based on the fact that such

materials would resist deformation when subjected to high loads owing to their high

stiffness values. However it is a source of substantial confusion that high bulk

modulus and high hardness are discussed together and many a time omitting the

contribution by the shear modulus. In reality there exists a better correlation, with

reasonable scatter between hardness and shear modulus, G. Furthermore plastic

deformation is initiated when the shear component of the applied stress exceeds the

yield stress (Zerr and Riedel 2000).Thus the prediction of hardness values using the

bulk moduli values alone may be misleading owing to this large scatter of the

hardness-bulk modulus relationship. In view of this, these three main approaches

have become the ‘radar’ to designing potential superhard materials. The first

approach justifies the focus on the lighter elements boron, carbon, nitrogen and

oxygen which form compounds with short covalent bonds. This has prompted

research into three-dimensional boron-rich compounds (e.g. B6O, B22O, B4C,

B25N and B53N) (Riedel 1994), boroncarbonitrides (BxCyNz) (Badzian 1981;

Nakano et al. 1994; Knittle et al. 1995; Nakano 1996; Zhao et al. 2002; Komatsu

et al. 1996; Solozhenko et al. 2001; Mattesini and Matar 2001; Lambrecht and

Segall 1993; Pan et al. 2005, 2006; Sun et al. 2001; Tateyama et al. 1997; Widany

et al. 1998) and the hypothetical C3N4 (Riedel 1994; Teter et al. 1996; Malkow

2001). On the other hand, the hardness values of existing superhard materials have

been enhanced by manipulating the grain morphologies through various techniques.

This second approach has led to a hybrid of nano-grained superhard materials with

improved mechanical properties (Haines et al. 2001; Brazhkin 2007).The third

approach focuses on achieving the goal through high bulk modulus elements. In

this case the elements do not possess high enough hardness values to be considered

‘superhard’. Compounds have been tailored by alloying with small, covalent bond-

forming atoms such as boron, carbon, nitrogen and oxygen structures with high-

packing indexes (Brazhkin 2007).This has led to another hybrid of highly incom-

pressible hard materials such as RuO2 (Brazhkin 2007) WC and Co6W6C

(Dubrovinskaia et al. 1999) transition metal borides (TiB2,WB4,WB2 and WB)

and BeB2 (Brazhkin).
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However despite the efforts, the first two approaches seem to have yielded

materials with hardness values approaching that of diamond but not exceeding

it. The progress in obtaining superhard materials using the third approach has

somewhat been hindered by the fact that most of the compounds in this group

possess some degree of ionicity (bonds not purely covalent) with low shear com-

ponent values (Haines et al. 2001). Against this background, clearly it remains a

challenge to experts in the materials science field to find substitute materials which

fully complement diamond in this regard.

3 Influence of Microstructural Parameters
on the Mechanical Properties

It is apparent that the majority of macroscopic properties of polycrystalline mate-

rials are directly influenced by the microstructure. There are a number of micro-

structural parameters of importance each of which has a certain influence on the

specific property in question. This section will highlight those parameters that

should be considered, and more detail will be found in the subsequent sections

looking at the specific properties. One of the most important factors in a given

microstructure is the grain size, grain size distribution and grain shape. These have

a direct influence on the hardness, fracture toughness, strength, wear and thermal

properties as discussed in subsequent sections. The microstructure can therefore be

tailored to suit certain needs depending on the targeted performance level. The

grain size distribution in some instances gives an indication of the packing index of

the particles which is quite important especially for liquid infiltrated compacts.

Another parameter of importance is the contiguity in composite materials

especially in the case where there is significant contrast in properties, e.g. WC/Co

and polycrystalline diamond compacts. This effectively indicates the different

volume fractions of the phases present and has a direct influence on performance.

Lastly, interface composition is also a very important feature which affects almost

all the mechanical properties and can be controlled to target certain performance

levels.

4 Establishing Structure-Property Correlations
of Superhard Materials

From the above discussion, it is a well-established fact that the mechanical char-

acteristics of most materials depend on both microscopic properties (i.e. interatomic

forces) and macroscopic properties (i.e. morphology, stress fields, defects, possible

inhomogeneities, etc). As such it is imperative to establish a correlation between

these properties with the behaviour of materials. In accordance with earlier
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discussions, superhard materials can be classified into four groups as specified in

the work of Brazhkin et al. (2002):

(i) Compounds formed by light elements from periods 2 and 3 of the periodic

table. These normally form covalent and ionic-covalent bonds.

(ii) Crystalline and disordered carbon modifications with covalent bonds.

(iii) Partially covalent compounds between transition metals and light elements,

e.g. borides, nitrides, oxides and carbides.

(iv) Nanostructured materials.

4.1 Group 1 Compounds

Typically superhard materials from this group are made from elements in the

middle of period 2 and 3. These are capable of forming tight three-dimensional

rigid lattices with short, non-polar covalent bonds. These bonds offer maximum

resistance to atomic movement and are directional, and they would rather be broken

than bent (Sung and Sung 1996). This includes compounds of boron, carbon,

nitrogen and oxygen. The small atomic radii enable the formation of short

interatomic distances and a high coordination number (C-N) (Sung and Sung

1996). This allows atoms to be surrounded by a large number of neighbours with

a high degree of covalence. The combined effect is to basically concentrate the

bond energy in a small volume thus a substantial amount of stress is required to

deform such a crystal lattice (Sung and Sung 1996). Examples of compounds in this

group include boron-rich compounds (B6O, B22O, B4C, B25N, B13C2, and B53N),

boron carbonitrides BxCyNz and the hypothetical C3N4 (Brazhkin et al. 2002; Sung

and Sung 1996; Kurakevych 2009).

Several modifications of boron compounds have been reported (Kurakevych

2009). The boron structure consists of an icosahedra B12 bonded with covalent

bonds (Kurakevych 2009). Four allotropic modifications of boron have been

reported, i.e. rhombohedral α-B12 (Decker and Kasper 1959), rhombohedral

β-B106 (Hughes et al. 1963), tretragonal τ � B192 and orthorhombic γ � B28 (Oganov

et al. 2009). Two-element boron phases have been synthesised which include cubic

boron nitride (c-BN), second to diamond in hardness. Also some subnitrides have

been reported, i.e. B50N2, B6N, B4N and B13N2, characterised by high hardness

values due to the short covalent bonds they possess. Boron carbides are known to

possess remarkably higher oxidation resistance and interaction with iron group

metals than other carbon-based materials (Kurakevych 2009). The B-O system

has generated boron suboxides (e.g. B6O) with typical hardness values close to

that of superhard materials (~40 GPa). The C-N system still remains hypothetical

with the C3N4 cubic phase predicted to have shorter covalent bonds than diamond

and hence harder than diamond. However experimental data has shown that C3N4 is

much less harder than diamond although the results are still debatable; this clearly

indicates that hardness properties cannot be predicted from bond length alone

(Brazhkin et al. 2002; Sung and Sung 1996; Kurakevych 2009).
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4.2 Group 2: Carbon-Based Materials

This forms a special group of superhard materials due to the existence of a variety

of chemical bonds between carbon atoms (Oganov et al. 2009). Diamond, the

hardest material known to man to date, consists of sp3-hybridised carbon bonds.

Single crystals of diamond possess high values of elastic constants c11 and c44 as

well as low Poisson’s ratio ~0.07 (Frantsevic 1980; Novikovin 1987; Kurdumova

et al. 1984). Lonsdaleite is another sp3-hybridised modification of carbon

possessing similar mechanical properties to diamond. There are a number of sp2-

hybridised hypothetical carbon structures which have been investigated theoreti-

cally (Liu et al. 1981). These however possess lower bulk moduli values (50–370

GPa) than diamond (Brazhkin et al. 2002). Fullerenes form a family of sp2-

hybridised superhard phases with extremely high bulk moduli values (800–900

GPa), twice as high as that of diamond (Ruoff and Li 1995). A typical example

includes the C60 molecule, a naturally soft molecular crystal, which tends to harden

under very high pressures (50–70 GPa) (Brazhkin et al. 2002).Worth mentioning is

the amorphous diamond-like hard carbon (DLHC). What governs the high hardness

and strength values for these phases is basically the small carbon atom radii capable

of forming short bonds coupled with four-coordinated non-polar directional cova-

lent bonds similar to what was discussed in group 1 above (Fig. 3.2).

4.3 Group 3: Transition Metal Compounds

A number of transition metals possess high bulk moduli values but do not possess

high enough hardness values to be considered superhard. In principle, the transition
metals could introduce a high valence electron density to resist elastic deformation

whereas the light metals can introduce short and strong covalent bonds with high

resistance to slipping under stress. Superhard compounds have been tailored by

alloying with small, covalent-forming atoms such as boron, carbon, nitrogen and

oxygen to form structures with high-packing indexes (Brazhkin et al. 2002;

Matizamhuka 2010). The leaders in this class are the borides, e.g. WB4, WB2 and

WB, with approximate hardnesses of 36–40 GPa (Brazhkin et al. 2002). Other

highly incompressible compounds have been reported in this group which include

RuO2 (Leger et al. 1994), Co6W6C (Dubrovinskaia et al. 1999), BeB2 (Brazhkin

et al. 2007), ReB2, OsB2, WB4,IrN2, PtN2 and TiB2 (Brazhkin et al. 2002; Veprek

2013); however carbides and nitrides are inferior in hardness to borides (Brazhkin

et al. 2002). It should be noted that some of the compounds formed in this group are

not purely covalent and in some instances possess some degree of ionicity thus

limiting the hardness/strength properties.
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4.4 Group 4: Nanocrystalline and Superlattice Structures

The above discussions highlight the possibility of obtaining superhard structures

through microscopic property interactions. However limitations arise owing to

deviations from ideality, e.g. non-uniform distribution of electron density may

arise and distortion in the four-coordinated structure may also arise. This introduces

Fig. 3.2 Schematic representation of the dependency of certain physical properties on the atomic

number, i.e. molar volume Vm, bulk modulus K and cohesive energy Ec (Brazhkin et al. 2002)
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differences between the real and ideal hardnesses of most of the covalent com-

pounds in the preceding groups. However, it is possible to reduce this difference by

tailoring the morphology/inhomogeneity of these compounds (Brazhkin et al. 2002;

Veprek 2013). There are two limiting cases in which the real hardness can be

substantially improved:

(i) In the ideal defect-free crystal where dislocations are absent

(ii) In the amorphous or nanocrystalline state where there is maximum hindrance

to dislocation motion

Obviously defect-free crystals cannot be easily obtained for several thermody-

namic reasons (e.g. thermal activation of point defects) (Brazhkin et al. 2002). On

the other hand, amorphous solids may contain some defects within the network

which effectively introduce deviations from ‘ideal’ ordering of the amorphous

networks thus introducing deviation from ideal hardness (Davis 1976; Mott and

Davis 1979). It is clear from the practical standpoint that the properties of superhard

materials can be enhanced through grain refinement into the nano-range. This is

discussed in much further details in Chap. 6.

In a number of cases, the practically achievable mechanical properties of most

engineering materials are orders of magnitude lower than theoretical ones owing to

the presence of flaws/defects in structures. Most of these defects (e.g. dislocations,

microcracks, grain boundaries) are quite prone to shearing and can easily grow

under stresses much lower than the ideal strength, thus limiting the material

strength and hardness values (Veprek 2013). By reducing the grain size, the flaw/

defect size is decimated which in turn strengthens grain boundaries by hindering

dislocation multiplication and motion (Liu and Cohen 1989). Traditionally

strengthening of materials has been achieved by well-known metallurgical princi-

ples such as solution hardening, work hardening and grain boundary hardening

(Veprek 1999; Hertzberg 1989; Kelly and MacMillan 1986; Inoue et al. 1994). It

must be noted that solution and work hardening do not operate in small nanocrystals

of� 10 nm due to solute atoms segregating at grain boundaries where there are no

dislocations (Veprek 1999). Thus the grain boundary hardening concept would be

more relevant to superhard materials. To get a more in-depth understanding of the

property-size effect, a look into the Hall-Petch relation is vital at this point. The

Hall-Petch relation correlates the material’s ideal properties (hardness, strength,

critical fracture stress) to the crystallite size. This relation has traditionally been

used to explain the strengthening effect of a wide range of materials as a function of

crystallite/grain size. Thus the Hall-Petch relation can be rewritten as follows:

σc ¼ σ0 þ kgbffiffiffi
d

p ð3:1Þ

Here σc is the critical fracture stress, d the crystallite size and σ0 and kgb are

constants. However at smaller crystallite sizes, i.e. below 10 nm, reverse Hall-

Petch dependence occurs due to various mechanisms described and reviewed in

Refs (Veprek 1999; Veprek and Argon 2001; Ashby 1972; Luthy et al. 1979;
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Mohamed and Langdon 1974; Crampon and Escaig 1980) and also later on in

Chap. 6. Computer simulation studies have shown that the reverse Hall-Petch

dependence in nanocrystalline metals is due to the grain boundary sliding as a

result of small sliding events of atomic plains at the grain boundary without thermal

activation (Veprek 1999; Schiotz et al. 1998). In principle, a further increase in

strength and hardness with decreasing grain size can be achieved by blocking grain

boundary sliding (grain boundary hardening) (Veprek 1999). Grain boundary

hardening can be affected by the use of nanocrystalline/amorphous grain boundary

filler as suggested by Veprek (1999). It is important that such nano-phases should

be refractory and stable at high temperatures and possess high structural flexibility

in order to accommodate coherency strain without forming dangling bonds (dis-

continuity), voids or other flaws (Veprek 1999).

Alternatively, the relation can be understood through the general Griffith for-

mula relating the critical stress causing growth of microcracks of size to the flaw

size a0:

σc ¼ kcrack

ffiffiffiffiffiffiffiffiffiffi
2Eγs
πa0

r
/ 1ffiffiffi

d
p ð3:2Þ

Here E is the Young’s modulus, γs is the surface cohesive energy and kcrack is a

constant dependent on the nature and shape of the microcrack and type of stress

applied. In principle, the flaw size a0 in a well-compacted material is always smaller

than the crystallite size, i.e. a0� d (Veprek 1999). Thus a reduction in grain size

will effectively reduce the size of flaws and at much smaller sizes will in turn

decimate or even eliminate most flaws. This is further discussed in Chap. 5 which

looks at fracture toughness, methods of measuring it and their limitations.

Another design concept is depositing epitaxial multilayers having different

elastic constants but similar thermal expansion and strong bonds as proposed by

Koehler (1970). These multilayers are referred to as heterostructures or

superlattices (Veprek 1999). Superhard epitaxial nano-polycrystalline superlattices

of nitrides and oxides have been reported, e.g. TiN/VN (Helmersson 1987) and

TiN/NbN (Shinn et al. 1992; Chu et al. 1992; Larsson et al. 1996). A hardness

increase by a factor of 2–4 was achieved when the lattice period decreased to about

5–7 nm, e.g. for TiN/NbN a hardness of ~50 GPa was reported with a lattice period

of 4 nm (Shinn et al. 1992). The question here is ‘What really makes superlattices

superhard?’ If one considers the separate layers making up superlattices, they

possess hardnesses lower than 40 GPa, but in the combined state, there is substantial

enhancement of hardness values to reach or even exceed 40 GPa. This can be

explained by how effective these structures are capable of hindering dislocation

motion. Normally, the thicknesses of these layers are kept small to avoid dislocation

operating within the layers (Veprek 1999). Under an applied stress, a dislocation

may form in the softer layer, and as it moves towards the interface, elastic strain

induced in the second layer (with higher elastic modulus) would case a repulsing

force that would hinder dislocation from crossing the interface (Veprek 1999). This
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basically enhances the strength/hardness of the layers. For further reading on the

theories of superlattice properties, the reader is referred to the reviews by Barnett

(1993) and Anderson and Li (1995). At this point it would be appropriate to

introduce the most prominent mechanical properties of superhard materials and

relate them to the respective structures. The word ‘most prominent’ is used here to

highlight the properties that we are putting more emphasis on. What really qualifies

most of the superhard materials in most of the industrial applications is their ability

to withstand extreme conditions during, for example, cutting applications. Here

high hardness, good wear, fracture toughness and thermal properties are most

important. Thus what follows below is an insight into the relations between these

specific properties with the material properties.

5 The Hardness Paradigm

Hardness can be defined as the resistance of a material to elastic and plastic

deformation (Veprek 1999, 2013). This deformation begins when the shear com-

ponent of the applied stress exceeds the yield stress (Matizamhuka 2010; Veprek

1999, 2013; Davis 1976; Mott and Davis 1979; Liu and Cohen 1989). Hardness is

strongly influenced by residual stresses, toughening phases, microstructural tex-

tures, grain size, applied load, porosity and structure and composition of grain

boundaries (Veprek 1999, 2013; Cottrell 1967). The hardness value is given by a

ratio of the applied load to the area of surface contact of a hard indenter, usually

diamond, loaded perpendicular to a planar surface of the material under test. The

measured hardness value of any material depends on parameters associated with the

test method and indenter geometry (Matizamhuka 2010; Veprek 1999, 2013;

Cottrell 1967). It varies with the applied load, indenter shape and dimensions,

microstructure and prior history of the material, loading rate, the environment

and the test temperature (Matizamhuka 2010; Veprek 1999, 2013; Cottrell 1967).

Thus in order to compare hardness values of different materials, the specific test

method and test conditions have to be described carefully (Matizamhuka 2010;

Veprek 1999, 2013; Cottrell 1967).

Theoretical attempts to describe hardness in terms of the elastic bulk or shear

moduli of an ideal solid are not uncommon. The elastic moduli are an intrinsic

mechanical property of a material dominated by the strength of the chemical bonds

between the atoms (Matizamhuka 2010; Veprek 1999, 2013; Cottrell 1967). The

high elastic moduli of superhard materials reflect the strong chemical bonds

between the atoms. These bonds are predominately covalent in nature. In general,

ionic/covalent bonds deform less than metallic bonds under a given external force

(Matizamhuka 2010; Veprek 1999, 2013; Cottrell 1967). Thus the theoretical

hardness assumes higher values at greater elastic moduli values. This ‘theoretical’
hardness is proportional to the reciprocal value of the bulk modulus,

B (Matizamhuka 2010; Veprek 1999, 2013; Cottrell 1967).
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There is a relationship between the bulk modulus B, the applied stress ψ and ε
the elastic strain from Hooke’s law,

B ¼ dψ

dε
ð3:3Þ

and from the binding energy Eb, bond length and stress relation,

ψ ¼ dEb

da
ð3:4Þ

Clearly there is a direct relationship between the bulk modulus, B, and the binding

energy, Eb, and the interatomic bond distance, a, which is described by the equation
below:

B ¼ d2Eb

da2
ð3:5Þ

Thus high bond energy means high electron density between the atoms as in

non-polar covalent bonds formed between atoms of small radii of the first period

which explains the high hardness values attained by compounds of these elements

(Matizamhuka 2010; Veprek 1999, 2013). A more common bulk modulus-bond

length relationship which has been used to predict the theoretical hardness values of

most existing and potential superhard materials is given by the equation below

(Matizamhuka 2010; Veprek 1999, 2013; Cottrell 1967):

B GPað Þ ¼ Nc

4

� �
1971� 220λ

d3:5

� �
ð3:6Þ

where, Nc is the coordination number, d is the bond length (Å) and λ is an empirical

parameter measuring the polarity of the bond. For non-polar covalent bonds such as

in diamond, λ¼ 0, in other compounds such as c-BN, Si3N4 and SiC, λ> 0, hence

the lower bulk moduli and hardness values for these compounds compared to

diamond (Fig. 3.3).

Clearly, a high coordination number is required in order to maximise the value of

B. Also a high bond energy as found for non-polar covalent bond between atoms of

small radii results in high theoretical hardness. This explains the reason why carbon

in its metastable fourfold-coordinated sp3 hybridisation in diamond forms the

hardest known material followed by c-BN. Also the expected high theoretical

hardness of C3N4 is based on this prediction, i.e. a small C-N bond distance and

relatively small polarity.

However it has been argued that materials deform plastically only when

subjected to a shear stress (Cottrell 1967). Thus the shear stress needed for

dislocation motion and multiplication to cause plastic deformation is proportional

to the elastic shear stress of a deformed material (Cottrell 1967). Thus the
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prediction of hardness using the bulk modulus value may be misleading owing to

the greater scatter of hardness-bulk modulus relationship. Gilman (1973) and

Liu and Cohen (1989) established a linear correlation between hardness and bulk

modulus. This was subsequently followed by an improved correlation between

hardness and shear modulus proposed by Teter and Hemeley (1996). Most

pre-2012 publications have been based on these empirical correlations to predict

the hardness of potential/new superhard materials (Tian 2012). In recent years, the

use of these simple linear correlations has increasingly become questionable. This

is due to the fact that the bulk modulus which is a measure of a material incompres-

sibility depends largely on the valence electron density. Thus the greater the

electrons involved, the greater the repulsions within a structure implying a higher

value of B. On the other hand, the shear modulus which measures the resistance to

shape change at a constant volume gives an indication of the material’s ability to

resist shearing forces. Clearly, both bulk and shear moduli are elastic in nature and

correspond to reversible elastic deformation. It should be noted that with hardness,

a permanent plastic deformation occurs, and this basically makes the predictions

made earlier by Cohen and Gilman unreliable for predicting the hardness values of

materials.

A more reliable relationship was proposed by Chen et al. (2011) which incor-

porates both the elastic and plastic properties of pure polycrystalline metals. Chen

et al. proposed a ratio referred to as the Pugh’s modulus ratio k¼G/B which relates

the brittleness, G, to the ductility B of materials. Thus brittle materials are bound to

possess a larger k value compared to ductile ones. The Pugh’s ratio is related to the

Vickers hardness, HV, through the correlation:
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HV ¼ 2 k2G
� �0:585 � 3 ð3:7Þ

This agrees well with experimental data. G/B depends monotonically on Poisson’s
ratio according to the relationship:

υ ¼ 3� 2GB
� �
6þ 2GK
� � ð3:8Þ

The Poisson’s ratio correlates the bond stiffness and hardness of a material. It

formally takes values between –1 and 0.5; thus the lower limit generally corre-

sponds to a material that does not change its shape and the upper limit to the

unchanged volume (Brazhkin et al. 2002). For systems with predominantly ionic

and van der Waals-type bonds, υ is close to 0.25 corresponding to G/B¼ 0.6. For

metallic structures υ lies between 0.3 and 0.4 withG/B in the range 0.2<G/B< 0.5.

Most covalent compounds υ < 0.25 and G/B > 0.6. Very few covalent compounds

have a shear modulus exceeding the bulk modulus, G>B (υ< 0.125) (Brazhkin

et al. 2002).The only such compounds include diamond, c-BN, quartz (α-SiO2),

lonsdaleite, B6O, HfB2, ZrB2 and TiB2 (Brazhkin et al. 2002). The high G/B ratios

in most covalent compounds are associated with high angular stiffness of direc-

tional covalent bonds (Brazhkin et al. 2002). This stiffness plays quite an important

role especially when coordination decreases from four towards lower values

(Brazhkin et al. 2002). At higher coordination numbers (>4), there is normally

loss of directionality in covalent compounds and hence decrease in bond-bending

forces (Brazhkin et al. 2002).

These predictions are based on macroscopic concepts which make it difficult to

relate hardness to the microstructure of a material (Tian 2012). To understand the

fundamental parameters controlling hardness, one needs to find a correlation

between hardness and microscopic parameters (Tian 2012). In principle, at micro-

scopic level, hardness measures the combined resistance of chemical bonds to

indentation (Tian 2012). This implies that the greater the number of bonds in a

region of the surface, the harder the material. Thus, it would be scientifically correct

to correlate hardness to bond resistance, bond strength and electronegativity of a

material. This simply implies that harder crystals are characterised by short and

strong chemical bonds, high valence electron density/ high bond density and

strongly directional bonds.

Another important aspect that plays a crucial role in hardness enhancement is

grain refinement into the nano-range as described in the above sections. Conven-

tionally, the enhancement can be explained through the hardening effect of grain

boundaries as expressed by the Hall-Petch equation:

H ¼ H0 þ kHPffiffiffiffi
D

p ð3:9Þ

Here KHP is Hall-Petch hardening coefficient (sample dependant), D grain size

(nm) and H0 hardness of bulk single crystal.
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This concept is based on the fact that reducing crystallite size results in strength-

ening and hardening due to a more effective impediment of plasticity by the

increased number of grain boundaries (Veprek 2013). However, this has been

observed to be limited to a crystallite size down to 10–15 nm, and below this

range, softening arises as grain boundary shear dominates (Veprek 1999, 2013).

The reader can also refer to Chap. 6 where this is discussed in greater detail. It is

interesting to note that larger enhancement of the hardness can be achieved even at

finer crystallite size (3–4 nm) if low energy grain boundary or a strong interfacial

layer is formed. At finer crystallite sizes, the number of defects decreases such as

dislocations, twins, microcracks and others. These defects easily shear and grow

upon a stress much lower than the ideal strength thus limiting the strength and

hardness values (Veprek 1999, 2013).

Macrohardness testing of ceramic materials normally results in considerable

cracking which may disguise the corners of the impression (Matizamhuka 2010;

Veprek 1999, 2013). The extent of cracking is related to grain size and fracture

toughness, and acceptable measurements are feasible below 5 kg in most cases

(Matizamhuka 2010; Veprek 1999, 2013). Recommended practice is that a quoted

number for a material should be the average from 5 to 10 randomly positioned

macrohardness tests and preferably more than 20 randomly positioned microhardness

tests (Matizamhuka 2010; Veprek 1999, 2013). This is done owing to the scatter of

results normally obtained on ceramics as a result of their multiphase nature, their

generally non-cubic symmetry and porosity that exists below the surface of the test

piece (Matizamhuka 2010; Veprek 1999, 2013). It is therefore not uncommon to

obtain coefficients of variation of 10 % in macrohardness measurements and 20 % in

microhardness measurements (Matizamhuka 2010; Veprek 1999, 2013). Chapter 4

discusses the various techniques for hardness measurements and their limitations.

The chapter also proposes ways in which such difficulties can be overcome in order to

obtain accurate values of hardness.

5.1 Factors Affecting Hardness

The hardness of brittle materials has a strong dependence on the flaws present

which act as stress concentration sites incapable of relaxing plastic deformation

(Teter and Hemeley 1996). These flaws are present in many forms in most hard

materials, the most prominent being residual stresses, microstructural textures,

grain size, porosity and the structure of grain boundaries (Evans and Lange

1975). In practice sintered specimens usually have a relative density below 99 %

(Evans and Lange 1975). This leaves some residual porosity which has been found

to affect the hardness in a negative sense (Evans and Lange 1975). Pores are less

resistant to indent penetration thus they present regions of low hardness in the

material. It has been observed that small porosity levels of 1–2 % can affect the

hardness more than an increase in the grain size from 0.5 μm to 2 μm (Evans and

Lange 1975).
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It has been observed that any polycrystal exhibits a hardness like the single

crystal if the load is small enough, i.e. if only a few grains are affected (Evans and

Lange 1975). At higher loads the indentation size becomes much larger than the

grains, and in polycrystals, this size effect is partly offset by the hindrance of

dislocation activity due to close spacing of grain boundaries, in the case of fine-

grained microstructures (Evans and Lange 1975). On the other hand, with coarse-

grained microstructures, there is less resistance to plastic deformation because of

lower hindrance to dislocation activity. This in itself explains why fine-grained

materials are found to be harder than their coarse-grained counterparts. This is also

highlighted in the Hall-Petch relationship which shows an inverse relationship

between the hardness and the grain diameter, d (Evans and Lange 1975).

Hardness has also been found to be affected by the structure of grain boundaries

typically in liquid-phase sintered materials (Brazhkin et al. 2004). Theoretically

Si3N4 has a Vickers hardness in the region of ~17–18 GPa, but the liquid-phase

sintered counterpart has a reduced hardness (Brazhkin et al. 2004). This reduction

in hardness is thought to be due to lowered resistance to indent penetration by the

binder material present at the grain boundaries.

The factors discussed above are all related to the material properties. There are

also factors related to the environment such as temperature and moisture present

and those related to the equipment used such as geometry of the indent and

magnitude of the applied load. Detailed discussions of these factors are dealt with

thoroughly in various other publications (Brazhkin et al. 2004; Lawn et al. 1975).

6 Fracture Mechanics of Superhard Materials

Superhard components in most cases fail by unstable propagation of cracks initiated

at flaws which are present due to manufacture or surface treatment (Evans and

Lange 1975). These flaws are usually in the form of pores, cracks and inclusions.

The brittle behaviour of superhard materials is attributed to low resistance to crack

propagation (Brazhkin et al. 2004; Lawn et al. 1975). There are two main methods

used for characterising the crack propagation behaviour of materials. The more

commonly used method is the evaluation of the fracture toughness KIC. KIC is a

critical value of the stress intensity factor KI. The latter quantity serves as a scale

factor to define the magnitude of the crack tip stress field (Lawn et al. 1975). KI is

dependent on the applied load, initial size of crack and geometry of the component

(Lawn et al. 1975) and has been found to increase until unstable crack propagation

occurs at some critical value, i.e. KI ¼ KIC (Niihara et al. 1982). There are basically

three loading modes which result in high stresses at the crack tip, namely:

(i) Mode 1: tension normal to the crack plane

(ii) Mode 2: shear loading in crack direction

(iii) Mode 3: out of plane shear loading

Mode 1 has been found to be the most important (Niihara et al. 1982).
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An alternative method is based on energy considerations in crack propagation

described by the crack resistance factor GIC. This idea is referred to as the Griffith

criterion (Lawn et al. 1975; Niihara et al. 1982). The criterion compares the

magnitude of the strain energy released to that consumed by a crack increment,

the so-called R, representing the resistance to cracking (Niihara et al. 1982). An

equilibrium condition occurs when the difference, G–R ¼ 0, and crack growth is

favoured if G–R > 0 and healed when G–R < 0. This forms the basis of the Griffith

criterion (Niihara et al. 1982).

It has been observed that the most problematic part of toughness determination is

to create a crack and to measure its size (Lawn et al. 1975). There are several

methods in use for fracture toughness determination, detailed discussion of which is

presented in a number of publications (Evans and Lange 1975; Brazhkin et al. 2004;

Lawn et al. 1975; Niihara et al. 1982) and in Chap. 5.

6.1 Vickers Indentation Cracks

Fracture toughness determination with Vickers hardness indentations was proposed

by Evans et al. (1976) and later extended by Niihara et al. (1982) and Anstis

et al. (1981). The fracture toughness is calculated from the length of cracks

which develop during a Vickers indentation test and can be measured optically at

the specimen surface (Niihara et al. 1982; Evans and Charles 1976; Anstis

et al. 1981). The basic procedure for fracture toughness determination consists of

three main steps, namely (Brazhkin et al. 2004):

(i) Generation of a crack in a test specimen

(ii) Measurement of load of failure

(iii) Calculation of KIC from failure load, failure stress and crack depth using

relations dependent on crack length, specimen dimensions and yield stress

The fracture toughness value can be obtained from the relation (3.10):

KIC ¼ 0:032H
ffiffiffi
a

p E

H

� �1
2 c

a

� ��3
2 ð3:10Þ

H is the hardness, E is the Young’s modulus, a is half the indent diagonal and c is
the length of crack (Brazhkin et al. 2004).

In the development of new superhard or composite materials, the Young’s
modulus value, E, is usually unknown. It is common practice to adopt relations

independent of E; Shetty et al. (1981) developed a relationship based on the

Palmqvist radial cracks found on the specimen surface shown below (Anstis

et al. 1981; Shetty et al. 1985):
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KIC ¼ 0:0889

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
H � P

4l

� �s
ð3:11Þ

H is the Vickers hardness, P is the indent load, l ¼ c–a where 2a is the indent

diagonal and 2c is the length of full crack.

The development of cracks in brittle materials occurs in a sequence of steps.

Under the indentation load, the elastic limits of most ceramic materials are

exceeded, and a zone of plastic deformation develops beneath the pyramidal

indenter (Evans 1974a, b; Munz and Fett 1999; Olagnon et al. 2006; Elssner

et al. 1999). The indenter acts as a wedge and induces tensile stresses in the

surrounding material (Evans 1974; Munz and Fett 1999; Olagnon et al. 2006;

Elssner et al. 1999). During the loading phase, these tensile stresses overlap with

compressive stresses caused by the applied indentation load. There is development

of cracks but with restricted mobility. When the load is removed from the indenter,

the compressive stress component ceases to exist, and cracks formed assume their

final length (Evans 1974a, b; Munz and Fett 1999; Olagnon et al. 2006; Elssner

et al. 1999). The cracks will grow to a point at which the stress intensity falls below

its critical value (Evans 1974a, b; Munz and Fett 1999; Olagnon et al. 2006; Elssner

et al. 1999).

Given the variety of cracking mechanisms associated with ceramic materials,

both the stress field underload and the residual stress are clearly very complex

(Evans 1974; Munz and Fett 1999; Olagnon et al. 2006; Elssner et al. 1999).

Additionally in materials with large grain size and single crystals, irregular cracks

and lateral cracks which proceed parallel to the surface causing chipping may

develop (Evans 1974; Munz and Fett 1999; Olagnon et al. 2006; Elssner

et al. 1999). The presence of residual stresses in the vicinity of the crack also

results in subcritical crack growth in air. All these lead to an underestimation of the

fracture toughness value. It is common practice to create indentation cracks in oil to

avert subcritical crack growth in air and to measure the crack size immediately after

indentation (Evans 1974; Munz and Fett 1999; Olagnon et al. 2006; Elssner

et al. 1999).

6.2 Influence of Microstructural Parameters on Toughening

To improve the fracture toughness of superhard materials, it is imperative to

accurately analyse the failure mechanisms and the structure-property relationship

between fracture initiation and microstructure (Evans 1974). Over the years, the

enhancement of toughness properties of advanced materials has been achieved by

tailoring their microstructures to provide toughening mechanisms. In principle,

toughening mechanisms can be categorised into two types: intrinsic and extrinsic.

Intrinsic mechanisms operate ahead of a crack tip and are primarily related to

plasticity, i.e. enlargement of the plastic zone which is effective against both
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crack initiation and propagation (Mcnamara et al. 2015; Zhu et al. 2015; Ritchie

2011; Krstic 1988). This is the primary source of toughening in ductile materials

and is ineffective with brittle materials (Mcnamara et al. 2015; Zhu et al. 2015;

Ritchie 2011; Gomez and Elices 2006; Krstic 1988). Conversely, extrinsic tough-

ening acts primarily on the wake of the crack to shield local stresses and strains at

the crack tip (Ritchie 2011). Effectively extrinsic toughening is usually associated

with processes behind a crack tip2, and there has to be a crack for them to operate;

thus they have no effect on crack initiation (Ritchie 2011). There are a variety of

microstructural mechanisms utilised to effect extrinsic toughening which include

crack bridging by unbroken fibres or ductile phase in composites, friction

interlocking of grains during intergranular fracture in monolithic ceramics,

meandering and crack surface sliding and shielding and microcracking in

transformation-toughened ceramics (Launey 2009) (Fig. 3.4).

A classic example is the use of nanoscale glassy films along grain boundaries

to promote boundary cracking and grain bridging in SiC. The fracture toughness

of SiC is �2–3 MPam1/2 when it fractures transgranularly and can approach

10 MPam1/2 for intergranular fracture (Ritchie 2008, 2011). This is attributed to

the greater crack-stopping power when the crack has to negotiate round the grains

as opposed to propagating through the grains.

Extrinsic toughening

Intrinsic toughening

Plastic
zone

Cleavage fractureGrain bridging

Fibre bridging

Oxide wedging

Behind crack tip

Ahead of crack tip

Microvoid coalescence

Fig. 3.4 Schematic representation of extrinsic and intrinsic toughening mechanisms (Ritchie

2011)

2 Extrinsic toughening can also be caused by crack shielding, crack deflection from hard particles

or along weak interfaces and crack branching as shown in the Appendix Fig. A1.
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As discussed above the most important toughening mechanisms in polycrystal-

line brittle materials are the extrinsic type such as grain bridging and transformation

toughening. It is thus imperative to understand how microstructural features affect

the effectiveness of these mechanisms during design of new or prediction of

toughness properties of old superhard materials. In grain bridging, frictional bridg-

ing occurs behind the crack tip when a reinforcement-matrix interface debonds and

the reinforcement is further pulled out. This effectively acts to reduce the crack

opening and provides a shielding effect. Thus the shielding effect depends on the

reinforcement strength, volume fraction, size, the Young’s modulus and the inter-

face properties (Fantozzi and Saadaoui 2014). The relation between bridging stress,

σb, and crack opening displacement, δ, has been modelled and the more dominant

bridging stress can be expressed as: (Launey et al. 2010)

σb ¼ σm 1� δ

δc

� �n

ð3:12Þ

Here σm is the bridging stress, δc is the crack opening displacement at which grain

bridging disappears and the exponent n describes the stress decrease.

In view of the above, it is apparent that the magnitude of grain bridging is a

function of the expansion anisotropy, interfacial roughness, grain size and mor-

phology (aspect ratio), which can be controlled by additives or heat treatments

(Fantozzi and Saadaoui 2014) . Thus grain coarsening and elongating the micro-

structure enhances the frictional bridging and pull-out resulting in greater stress

intensity factor (Fantozzi and Saadaoui 2014). Classical examples include coarse

grain alumina and the so-called self-reinforced Si3N4 (Fantozzi and Saadaoui

2014). It must be noted however that there exists a critical grain size above which

a low intensity factor is observed due to appearance of transgranular fracture which

reduces the grain-bridging effect (Fantozzi and Saadaoui 2014). In a recent study on

leached polycrystalline diamond (PCD) compacts, the effect of a decreasing grain

size shows a decrease in fracture toughness (Mcnamara et al. 2015). In principle,

the finer the grain sizes have lower aspect ratios between adjacent grains thus

presenting lower resistance to crack propagation compared to a coarse grain. In

the case of a coarse grain size, a propagating crack will experience more resistance

as it must negotiate around larger grains, thus increasing the energy required for

fracture over the entire process. Transformation toughening is synonymous with

ZrO2-based ceramics. This occurs as a result a volumetric increase (~5 %) accom-

panying transformation which creates compressive stresses that shield the crack tip

from the applied stress (Fantozzi and Saadaoui 2014; Launey et al. 2010; Nalla

et al. 2003; Weiner and Wagner 1998). In essence, the magnitude of transformation

toughening is controlled by the stability of the transforming phase which is

influenced by the microstructure, i.e. grain size, morphology and location (along

grain boundaries or inside the grains) ((Fantozzi and Saadaoui 2014)).
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7 Strength of Brittle Materials

In principle the strength of a brittle material is not an intrinsic material property but

more of a conditional property quite useful for design and comparison/ranking

purposes (Kelly 1995). Thus strength values are strongly dependent on the material

microstructure, processing history, testing methodology and environment and fail-

ure mechanisms. Griffith et al. (1920) pioneered the work on the strength behaviour

of brittle materials using glass. He showed that strength is sensitive to microcrack-

like defects and drew up a relationship between the fracture strength and flaw size.

In principle, Griffith showed that crack extension occurs in brittle materials

when the stored elastic energy (mechanical energy) released during extension just

exceeds the energy required to form new surfaces (surface energy) (Lawn

et al. 1994). Under equilibrium conditions, we have the famous Griffith strength

equation where the total system’s internal energy (mechanical þ surface energy) is

unchanged with incremental crack extension (Kelly 1995; Griffith 1920; Lawn

et al. 1994):

σf ¼ 2E
0
γ

πa0

� �1=2

ð3:13Þ

Here σf is the fracture strength in uniform tension, E0 is the plain structure elastic
modulus, γ is the surface energy per unit area and a0 is the starter flaw/crack size.

The classical Griffith relation links the material strength and toughness to a

critical flaw size (Griffith 1921). Over the years a number of authors have demon-

strated the relationship of the critical length scale to the material grain size in the

presence of thermoelastic stresses (Macnamara et al. 2015; Evans 1974; Krstic

1984). However in most of these analyses, the critical grain size was often not equal

to the actual grain size (Manamara et al. 2015). A number of researchers have

investigated the effect of a microstructure on the experimentally measured fracture

toughness (Mcnamara et al. 2015; Taylor 1996, 1999, 2004, 2006; Taylor

et al. 2005). They have demonstrated that for a number of engineering materials,

the characteristic length scale can be related back to the microstructure. This is

known as the theory of critical distances (TCD). In principle, this theory uses the

characteristic material length to predict the fracture toughness for notched speci-

men (Mcnamara et al. 2015).

From a conceptual point of view, the theory predicts that once an effective stress

(σeff) is reached across a grain length, that grain will fail and a crack will grow

(Mcnamara et al. 2015). The TCD theory demonstrates that failure occurs when a

distance-dependent effective stress exceeds the ultimate tensile strength/flexural

strength, σ0 of a material (Mcnamara et al. 2015). The effective stress can be

determined by a number of methodologies which include point method (PM), line

method (LM) and area method (AM) which all use a characteristic length parameter

calculated as follows (Mcnamara et al. 2015):
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L ¼ 1

π

KIC

σ0

� �2

ð3:14Þ

Here σ0 is the characteristic material strength. The most widely used methodologies

are the LM and PM. The LM postulates that a material reaches its failure limit when

the stress averaged over a line, starting from the notch equals the inherent material

strength σ0 (Mcnamara et al. 2015).

In practice, the critical distance rc is taken as the smallest microstructural feature

and in the case of brittle polycrystalline materials is taken as the nominal grain size

(Mcnamara et al. 2015). It must be noted that there exist errors associated with this

whole approach; the reader is referred to references in Mcnamara et al. 2015 and the

references therein for further reading (Mcnamara et al. 2015). This is also discussed

in Chap. 5 as the authors evaluate the commonly used fracture measurement

methods and their limitations when applied to hard, superhard and ultrahard

materials.

7.1 Factors Affecting Strength

In practice most of the strength-controlling defects are introduced into materials

during processing. These include porosity regions, agglomerates, inclusions and

large-grained zones (Kelly 1995; Lange 1984). Furthermore, surface flaws are

introduced by machining and grinding operations a material may be subjected

to. Such defects act as weakness points/stress concentration sites yielding a range

of ‘strength values’ for a given material. Secondly many practical aspects of testing

can alter strength results which include specimen size effects, stress concentrations

and failure mode (failure location, flaw type) (Kelly 1995). For instance, some

materials will show lower strength when tested under humid or in the presence of

moisture due to slow crack growth rate (Kelly 1995). Creyke et al. 1982 showed

that strength is exponentially sensitive to slow crack growth parameter n by com-

paring time to failure (t1, t2) under different static stresses (σ1, σ2):

t1
t2

� �
¼ σ1

σ2

� �n

ð3:15Þ

Although ASTM testing standards exist, there are problems that arise during

testing that can produce inaccurate results such as alignment problems between

specimen and test fixtures, specimen to support ratio dimensions, processing flaws

and specimen thickness. In essence, strength values give an indication of the stress a

specific material will support for a given flaw size distribution and failure mode

(Kelly 1995). There are however complications that arise in determining strength

values which are associated with the material structure, flaw size distribution and
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failure mode. A widely accepted model for material and structural evaluation is the

Weibull risk-of-rapture analysis given by the probability of failure below:

Pf ¼ 1� exp � σ � σnð Þm
σ0

	 

ð3:16Þ

Here σ0 represents a location parameter of Weibull distribution strength at 63.2 %

failure probability (mean value in the Weibull normal distribution), and σn is the
minimum strength and normally taken as zero. Note the exponent expression,

which is evaluated over either a surface/volume from which failure can originate.

An important assumption is that failure is a result of a single ‘failure type’
(structural inhomogeneity) (Frischholz 2004). In principle the Weibull modulus

(m) is a direct measure of the distribution of strengths. Thus the higher the Weibull

modulus means the more uniform defects distribution and the more consistent the

material. Put differently the material behaviour will be more consistent and the

probability curve is narrower. Typical values in the range 10 < m < 20 have been

achieved using four-point bending method (Frischholz 2004). It must be noted here

that since the number of defects is dependent on the sample volume, the strength of

larger parts is normally less than what is measured on the sample (Frischholz 2004).

7.2 The Conflicts Between Strength and Toughness

The quest for engineering materials that possess both high strength and toughness

(damage tolerant) remains elusive. This emanates from the fact that the two

properties are mutually exclusive. It is important to note that the mechanisms that

promote high strength tend to oppose/conflict with those mechanisms that promote

higher toughness. Strength sometimes represents a material resistance to

nonrecoverable deformation (e.g. plastic deformation). On the other hand, tough-

ness is a measure of the material’s resistance to fracture and, as such, requires a

material’s ability to dissipate local high stress by enduring deformation (Zhu

et al. 2015; Ritchie 2008, 2011). This explains the reason why hard materials

tend to be brittle and lower strength materials (mostly metals), which can deform

more readily, tend to be tougher (Ritchie 2011). It is interesting to note that much

research efforts on hard and superhard materials have focused on pursuing higher

strength with rather limited corresponding regard for toughness (Veprek 2013; Zhu

et al. 2015).

The drive towards damage-tolerant materials is to be able to utilise the light-

weight hard and superhard materials for vital, safety-critical applications such as in

aerospace, transportation and power generation industries (Ritchie 2011). Although

the conflicts between strength and toughness are very real, it has been proven that

there exist ways to attain both properties in a single material through the presence of

multiple plasticity and toughening mechanisms acting on differing length scales
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(Ritchie 2011). A successful example is the development of bulk metallic glass

(BMG)-based composites which are composed of a crystalline dendrite second

phase in a BMG matrix which essentially promotes the formation of multiple

shear bands leading to a strong and tough material (Ritchie 2011). Nature-inspired

toughening mechanisms which involve both intrinsic and extrinsic toughening have

been utilised to design and synthesise biomimetic structural materials (Zhu

et al. 2015). Despite these efforts, there still exists rather limited success in attaining

both strength and toughness in superhard materials which often require material-

specific complicated and expensive processing routes hardly applicable to other

materials (Zhu et al. 2015).

8 Wear of Superhard Materials

Superhard materials find use in tribological applications due to their high hardness,

high-temperature stability and chemical inertness relative to metals (Olagnon

et al. 2006). However during operations chipping by interrupted impacting

increases wear thus higher toughness is required for these materials to survive

greater wear. Wear of superhard ceramic materials is highly dependent on both

operating conditions (normal load, velocity and temperature) and material proper-

ties (grain size, mechanical and thermal properties) (Shetty et al. 1985; Morrell

1985; Cohen 1985). Previous and ongoing studies have shown that wear of

ceramics depends to a large extent on the ‘wear mode’ occurring at the machining

onset (Olagnon et al. 2006). At low loads and relatively low temperatures, the wear

mode is to a large extent controlled by the tribochemical reactions. On the other

hand, at higher loads and higher temperatures, the dominant wear mode is mechan-

ical wear occurring by propagation of cracks along grain boundaries resulting in

microfracture within the material (Olagnon et al. 2006). In the latter case, the

microstructure of the material is expected to play a more significant role than its

chemical stability (Olagnon et al. 2006). This clearly highlights the interlink

between the fracture toughness, rapture strength, hot hardness and materials’
tribological properties.

As highlighted before, hardness alone does not guarantee good wear or tribo-

logical properties in any material. It is clear that the trend now is towards develop-

ment of newer materials possessing high toughness and hot hardness which implies

good wear properties.

9 Thermal Shock

Most ceramic materials have low thermal conductivity thus making them prone to

thermal shock which occurs as a result of a sudden change in temperature especially

during cooling. This basically introduces transient thermal stresses which can
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become large enough to induce damage such as microcracking or complete fracture

(Fantozzi and Saadaoui 2014). Thermal shock can be quantified using the equation

below:

ΔTc ¼ σf
1� υð Þ
Eα

ð3:17Þ

The value ΔTc is the applied temperature difference in quenching experiments often

used as a thermal shock parameter indicating resistance to crack initiation. Here σf
is the strength, υ the Poisson’s ratio, E is the Young’s modulus and α coefficient of

thermal expansion.

Thus the thermal shock resistance is influenced in addition to specimen proper-

ties by material properties such as Young’s modulus, thermal expansion coefficient,

tensile strength and fracture toughness. It is thus apparent that increasing the crack

resistance generally increases the material shock resistance. Typically, coarse

grains induce a high crack growth resistance, thus maintaining a high initial

strength which gradually decreases after thermal shock compared to the cata-

strophic strength loss observed in fine grain material (Fantozzi and Saadaoui

2014). The behaviour observed in fine grain materials is however not well under-

stood and is open to debate. Thermal shock resistance of Si3N4 ceramics has been

enhanced by using SiC whisker reinforcement or by coarsening and elongating the

microstructure (Lawn et al. 1994).

10 Concluding Remarks and Future Trends

In this chapter, the behaviour of hard, superhard and ultrahard materials has been

analysed in relation with their microstructures. It has been shown that the devel-

opment of superhard materials with hardness values approaching that of diamond

can be elucidated through microstructural control. It is clear that the progress of

these materials has been hindered owing to their inferior fracture toughness prop-

erties which basically limit their range of applications. A number of fracture

enhancement techniques have been utilised such as grain bridging and transforma-

tion toughening through tailoring the microstructures. However there is still poten-

tial to create damage-tolerant superhard and ultrahard materials that can be utilised

in safety-critical applications. The strength-fracture toughness conflict still remains

elusive as these properties are mutually exclusive. Although efforts have been made

to produce strong and tough materials (e.g. BMGs), there still remains scepticism

whether the techniques utilised can be applied to other materials. The thermal and

wear properties of hard, superhard and ultrahard materials form an important aspect

as they directly affect the performance owing to their operating conditions (high

temperature and interrupted impact). It has been shown that coarse-grained/

elongated microstructures with greater resistance to crack initiation and propaga-

tion give the best performance at higher temperatures and impact. However this
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happens at the expense of hardness. Thus there is a need to strike a balance between

the two properties and hence form the future trends towards achieving more useful

superhard materials rather than only superhardness. The present review is not meant

to be completely exhaustive but to shed some light on the more important micro-

structural aspects which have a direct influence on a materials’ performance.
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Chapter 4

Measurements of Hardness and Other
Mechanical Properties of Hard
and Superhard Materials and Coatings

Dr. Maritza G.J. Veprek-Heijman
and Prof. Dr. Prof. h.c. Dr. h.c. Stan Veprek

Abstract We discuss the methods and problems associated with a reliable mea-

surements of mechanical properties of superhard (H� 40 GPa) and ultrahard

(H� 80 GPa) materials and coatings. It is shown that the “nanoindentation” can

yield incorrect results of hardness and elastic moduli when applied to super- and

ultrahard materials. Therefore, the classical two-step method, where, after the

indentation with a given load, the size of remnant indentation is measured by a

microscope, is recommended for the verification of the results obtained from the

“nanoindentation.” We further discuss methods for the determination of elastic

moduli, tensile yield strength, and internal friction. Special attention is devoted to

the measurement of the mechanical properties of super- and ultrahard thin films on

softer substrates. It is shown that the Bückle’s rule, according to which the inden-

tation depth should not exceed 10% of the film thickness of a hard film on soft

substrate, does not apply for hard and superhard materials.

1 Introduction

Experimental determination of the mechanical properties of hard and superhard

materials is usually not an easy task. In many cases, a large load of several newtons

(N) has to be applied during the hardness measurement to achieve the load-invariant

value of the hardness. Also the compliance of the testing systems used may be

higher than that of the sample being tested. This makes the accurate determination
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of the deformations in the sample very difficult, particularly when using the

modern automated load-depth sensing techniques with instruments called

“nanoindentometers.” The properties of the materials are often affected by the

residual stress in the structure due to the manufacturing route used. This is partic-

ularly important for hard and superhard coatings on softer substrates. These and

other issues, challenges, and methods of overcoming them will be discussed in this

chapter with focus on the correct measurements of hardness of bulk materials as

well as of thin films on softer substrates and wear protection coatings on tools for

machining. Because the measurements of fracture toughness, which is also an

important property of hard (hardness H� 10 GPa), superhard (H� 40 GPa), and

ultrahard (H� 80 GPa) materials, will be discussed in Chap. 5, we limit our

discussion of this topic only to a short remark. Also the coefficient of friction, μ,
will be mentioned only briefly. Special attention is devoted to the measurement of

elastic moduli, yield strength, and the thickness of the hard, superhard, and

ultrahard thin films on softer substrate that is needed for correct measurement. It

is shown that for the correct hardness measurements, the required thickness of the

hard, superhard, and ultrahard thin film on a soft substrate must be much larger than

what the Bückle’s rule of 10% suggests.

The fracture toughness, expressed in terms of stress intensity factor KI given by

Eq. 4.1 (here, σ is the stress needed to propagate a crack of a size 2a, and Const. is a
factor that takes into account the flaw shape and geometry, as well as the loading

mode configuration (Anderson 1995)), is the resistance of a material against the

propagation of a preexisting (prefabricated) crack (McClintock and Argon 1966;

Hertzberg 1989; Anderson 1995). It should be emphasized that one has to distin-

guish between fracture toughness defined in this way and the resistance against

brittle fracture due to the absence of microcracks and other flaws in the material

because of a high-threshold limit needed to initiate a crack in an optimally

processed material. This can be easily understood by comparing the Griffith

formula for critical stress σC needed for propagation of a penny-shaped crack of

diameter 2a given in Eq. 4.2 (here, EY is the Young’s modulus and γC is the surface

energy) and the ideal decohesion strength σDecoh given by Eq. 4.3 (here a0 is the
interatomic distance; Kelly and Macmillan 1986).

KI ¼ Const: � σ � ffiffiffiffiffiffiffiffiffi

π � ap ð4:1Þ

σC ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

2EY � γS
π � a

r

ð4:2Þ

σDecoh: ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

2EY � γS
π � a0

r

ð4:3Þ

In an optimally processed polycrystalline material, the size of cracks resulting

from the preparation scales approximately with the crystallite size d. Therefore, σC
is relatively small in coarse-grained polycrystalline materials where a is of the order
of tens microns, but it strongly increases for nanocrystalline materials where it can

approach the ideal decohesion strength σDecoh (Veprek et al. 1996; Veprek 1999).
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Such material can reach a high elastic limit of several percentage or more

approaching that of an ideal flaw-free material (Veprek and Argon 2002; Veprek

et al. 2003b). We shall discuss this point in Chap. 6. Whereas the measurement of

the fracture toughness (Eq. 4.1) of bulk materials is well established and described

in Chap. 5 and in a number of textbooks, the measurement of the threshold for the

crack initiation is difficult because it depends on the statistics of the flaws formed

during the preparation of the material. The statistical modeling and the probability

of the cleavage fracture are calculated either by the relatively simple “weakest link”

model or by the truncated Weibull distribution described, e.g., in Anderson (1995)

to which we refer for further details.

The coefficient of friction, μ, of a material in a sliding contact with another one

describes important property for many applications. It is the force F necessary to

keep two surfaces, which are pressed together by a load LN normal to the direction

of the sliding, from sliding against each other (Feynman et al. 1966, p. 12–3 ff.).

F ¼ μ � LN ð4:4Þ

Thus, μ is a dimensionless scalar. The coefficient of friction depends on the

asperities of the sliding surfaces, on the surface energy of the materials sliding

against each other, on the sliding speed, and on humidity or other environmental

effects which can act as lubricants (Bayer 2002). To initiate sliding between two

surfaces which are in rest requires higher force F0 than that in steady-state sliding

conditions because the surface asperities are “locked in” at rest (F0 is called

“stiction”). For these and many other reasons, the coefficient of friction has to be

measured under precisely defined conditions. Such conditions are usually specified

in the user’s manuals of tribometers on the market.

Friction may also be important during the measurement of the hardness of

materials, because high friction coefficient between the indenter and the sample

being measured may result in a falsified, apparently higher, hardness (Tabor 1951).

However, because only diamond indenters are used for measuring the hardness of

super- and ultrahard materials, and because diamond has a small coefficient of

friction of about 0.1 toward the majority of materials (Tabor 1951), this effect is

probably not too important. Nevertheless, it should be kept in mind and checked by

comparing the value of the hardness measured without and with a lubricant.

Friction may also be important when measuring “hot hardness,” i.e., hardness at

elevated temperature.

One of the important fields of application of super- and ultrahard materials is the

machining of metallic alloys, wood, and ceramics. For these applications, bulk

materials (c-BN, diamond, cermets) as well as wear protection coatings on tools

made of high-speed steel (HSS) or cemented carbide (WC-Co) are used. Important

are not only the high hardness, high fracture toughness, and low coefficient of

friction, but also high oxidation and chemical resistance against the material being

machined. For example, in spite of its high hardness of 70–100 GPa, diamond

cannot be used for the machining of ferrous alloys or other materials which contain

elements that form stable carbides, because in that case the chemical wear
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dominates. Thus, not only purely “mechanical” properties are important in the

applications. But these aspects are beyond the scope of this chapter. Therefore,

here we shall focus on the measurement of the hardness and afterward discuss the

measurements of elastic moduli and some other properties.

2 Hardness

2.1 The Meaning of Hardness

In general sense, hardness is the resistance of a material against plastic deformation

under the applied load. Thus, the nature of the applied load defines different

hardnesses, such as scratch hardness according to Mohs, impact hardness, or

indentation hardness (Tabor 1951). Scratch hardness, being used by mineralogists

because of its simplicity, particularly when working in the field, is not suitable for

material scientists and engineers because it is strongly nonlinear (see, e.g., McClin-

tock and Argon 1966, p. 450). The dynamic impact hardness is important, e.g., in

interrupted cutting, such as milling, for the lacquer on the front part of a vehicle

exposed to impact of particles and the like. Because these materials are not

superhard, we shall not discuss the impact hardness in any further details here.

The definition of the impact hardness can be found in the book by Tabor (1951), and

the more recent method of its testing is described by McClintock and Argon (1966),

Knotek et al. (1992), and Bouzakis et al. (2007).

From the scientific point of view, most important is the indentation hardness

with self-similar indenters, such as Vickers or other pyramidal or conical indenters,

where the contact area between the indenter and the material being measured, AC, is

proportional to the square of the indentation depth, h2. The indentation hardness is

the average pressure beneath the indenter under the conditions of fully developed

plasticity (Meyer 1908; Tabor 1951). Note that the pressure beneath the indenter is

distributed very inhomogenously (see, e.g., Fig. 11 in Veprek et al. 2007). The

correctly measured indentation hardness must be load invariant. Unfortunately, this

condition is often neglected in many published papers which incorrectly report on

“superhard materials” because the measurements have been done at a too small

load, where the indentation size effect (ISE, see below) may falsify the hardness

measurement (see Veprek-Heijman and Veprek (2015) and references therein).

2.2 Indentation Hardness

The most popular and reliable method of the hardness measured using the self-

similar indenters has been the two-step indentation procedure with the Vickers

indenter, which is a four-faced pyramid made of diamond with an angle of 136�
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between the opposite faces. This angle has been chosen to make the Vickers

hardness similar to the Brinell hardness as to yield the same values of hardness.

Brinell hardness test uses a spherical indenter which is not self-similar, i.e., the

indentation depth or the contact radius has to be specified (Tabor 1951, p. 98). The

indenter is pressed into the material being tested with a given load, L, this load is

applied for a defined period in order to check for possible creep. After unloading the

projected area, AP, of the remnant plastically deformed indent is measured with a

microscope. The contact area, AC, can be calculated from AP using the known

geometry of the Vickers indenter. Alternatively, the diagonal of the remnant indent

is measured and AC calculated. The Vickers hardness is

HV ¼ L=AC: ð4:5Þ

The engineers use the so-called Vickers number in the units g/mm2. We shall

adhere to the units GPa (10,000 VH� 10 GPa). One can also use the projected area

of the indent, AP, which yields the Meyers hardnessHMeyer¼ L/AP. The Vickers and

Meyers hardness are related by HV¼ 0.927 ·HMeyer (Tabor 1951, p. 98), provided

the indenter has a sharp tip or the indentation depth is sufficiently large so that the

error of h due to the tip rounding can be neglected. It has to be kept in mind that

when indenting into superhard materials, the sharp diamond tip is plastically

(irreversibly) deformed up to a “radius” 0.5–0.7 μm (see below). Keeping the

load applied for a sufficiently long time is necessary when the material being tested

undergoes creep under the load.

For an ideal Vickers indenter, the contact area, AC, and indentation depth, h, are
related by Eq. 4.3. However, when the indenter tip is dull, the actual contact area

is—for the same indentation depth—larger than that corresponding to Eq. 4.3.

Neglecting this “tip rounding” results in incorrect, too high hardness value. This

error can be neglected when the indentation depth is large, but it becomes serious

when the indentation depth is about 100 nm or less, as is the case with the modern

“nanoindentometers.”

AC ¼ 26:43h2 ð4:6Þ

Later on, the Berkovich indenter with three faces and cube-corner indenter with

four faces have been introduced because they develop larger stress under the sharp

tip to assure yielding of the material being tested at a low applied load. The relation

between the indentation depth and contact area is similar to Eq. 4.3 with different

proportionality constants that can be found, e.g., in Fischer-Cripps (2004). The

larger stress that develops under the sharper indenter tips of Berkovich and cube-

corner indenters is an important advantage when measuring the hardness of thin

films using the automated load–depth-sensing technique called “nanoindentation,”

which has been introduced by Doerner and Nix (1986) and later on improved by

Oliver and Pharr (1992, 2004).

However, the advantage of Berkovich and cube-corner indenters is less pro-

nounced when measuring super- and ultrahard materials because, in that case, the
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initially sharp indenter tip undergoes plastic deformation and rounding, as shown

by experiment (see Fig. 8 in Veprek et al. 2003a) and by nonlinear finite element

modeling (see Figs. 1 and 2 in Veprek-Heijman et al. 2009). Typically, a sharp

indenter with a tip “radius”1 of� 0.1 μm is plastically deformed when indenting

into a super- and ultrahard material so that after 2–3 indentations, the “radius”

increases to about 0.3–0.5 μm. However, with increasing number of the subsequent

indentations, the incremental increase of the tip “radius” is diminishing until it

stabilizes at about 0.5–0.7 μm (Fig. 2 in Veprek-Heijman et al. 2009). Upon further

indentations, the tip “radius” deforms mainly elastically.

For these reasons, hardness of super- and ultrahard materials can be reproducibly

measured only with a dull indenter. This often (but not always, see below and

Chap. 6) requires the use of large indentation depth of� 400–600 nm and

corresponding large load of up to several N. Such high loads cannot be provided

by the majority of the modern “nanoindentometers.” Therefore, one has to use the

conventional two-step techniques.

As we shall discuss later, the measured apparent hardness increases when the

applied load decreases under a certain value (Sect. 2.3). This so-called indentation

size effect (ISE) can have a variety of origins, the not perfectly shaped and sharp

indenter being only one of them. The ISE due to tip rounding has to be experimen-

tally corrected for by a special procedure called “tip area correction” when using the

automated load–depth-sensing technique (“nanoindentation”), which typically uses

relatively small load. The early method of Doerner and Nix used the constant

hardness method, where the apparent hardness of a reference material is measured

as function of applied load up to sufficiently large load where ISE vanishes because

the indentation depth is much larger than the error of the indentation depth due to

the dull tip, and the correct hardness is measured. Then, a polynomial function is

used to transform the measured dependence of the apparent hardness on the applied

load as to obtain correct hardness for all points measured at different loads. In the

method of Doerner and Nix, about 25% of the initial part of the unloading

indentation curve is linearly extrapolated to zero load, where the so-called corrected

indentation depth, hCorr’, is obtained. From this value of hCorr, the hardness is

calculated according to Eq. 4.2. This procedure is a purely empirical calibration

of the instrument, and the value of hCorr is not any real indentation depth (Behncke

1993, Sect. 4.4).2 Nevertheless, it can provide correct results when the calibration is

carefully done as shown in Fig. 4.1. Figure 4.1a shows an example of repetitive

measurement of the hardness of Si and sapphire wafers using the early version of

the indentometer Fischerscope H100, which has been on the market several years

before the paper of Oliver and Pharr has been published. Therefore, it used the

1We write “radius” within quotation marks because the tip is not exactly spherical (see Fig. 1 in

Veprek-Heijman et al. (2009)).
2 Doerner and Nix measured the shape of the diamond indenter using scanning electron micro-

scope and used this for the tip area correction.
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Fig. 4.1 (a) Hardness of silicon used for the calibration of the early version of Fischerscope H100
in the constant hardness mode and resultant hardness of sapphire (see also Veprek et al. 2003a).

(b) Example of the measurement of the hardness, as function of indentation depth, of sapphire

using a modern nanoindentometer that has been calibrated according to the Oliver and Pharr

procedure using constant stiffness method (see text from Fischer-Cripps et al. 2006)
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method of Doerner and Nix [similar results, measured by other coworkers of S. V.,

have been published in Veprek S et al. (2003a)].

The method of Oliver and Pharr uses for the “tip area correction” constant

stiffness method and a power-law fit of the initial part of the unloading curve

together with an “intercept factor” to determine the corrected indentation depth

(Oliver and Pharr 1992, 2004; Fischer-Cripps 2004). Oliver and Pharr called their

procedure “an improved technique for determining hardness. . .,” and, after their

first paper (Oliver and Pharr 1992), they published several critical papers analyzing

possible artifacts which may occur when using this technique (e.g., Oliver and Pharr

2004). Also other researchers analyzed this techniques and suggested many correc-

tions and improvements (e.g., Chaudhri 2001; Chaudhri and Lim 2007; Meza

et al. 2007; Rodriguez et al. 2011; Keutenedjian Mady et al. 2012). We cannot

review this issue here because the number of the relevant papers is too large. But we

would like to emphasize that large care has to be taken when measuring hardness of

superhard materials using the “nanoindentation” technique. Unfortunately, the

original method of Oliver and Pharr (1992) is often used by the workers without

any critical analysis. We would like to illustrate it here by only two examples.

Figure 4.1b shows an example of the hardness of sapphire (see points denoted H)

measured with the “nanoindenter” UMIS that has been calibrated by means of the

constant stiffness of fused silica using the Oliver and Pharr method (Fischer-Cripps

et al. 2006). HM is the Martens hardness, i.e., the hardness under applied load, HFS

is the hardness of the fused silica, and hC is the corrected indentation depth (hC of

0.8 μm corresponds to a load of about 200–300 mN). Obviously, the value of the

hardness of sapphire obtained by Fischer-Cripps with this method of about

28–30 GPa is too high. There are many papers reporting the hardness of sapphire,

measured by the conventional two-step techniques at large load of several N, to be

21� 1.5 GPa (e.g., Berg et al. 2000; Müller 1984; Holleck 1986; Kollenberg 1988,

homepages of industrial companies producing sapphire such as Kyocera (2015) and

others). The hardness of sapphire of about 21 GPa is almost independent of the

crystallographic orientation of the surface being indented (Sinani et al. 2009). This

value of the hardness agrees very well with the data in Fig. 4.1a that were measured

with the original version of Fischerscope H100 using the simple method of Doerner

and Nix.

The incorrect, too high value of the hardness of sapphire of 28–30 GPa obtained

by the Oliver and Pharr method when the instrument is calibrated for a constant

stiffness of fused silica, in contrast to the results of Fig. 4.1a, has been reported in

several publications and books without any critical analysis (e.g., Fischer-Cripps

2004, Appendix 5; Dub et al. 2014). It is probably related to the fact that sapphire

has different elastic–plastic behavior and higher Young’s modulus as compared to

its hardness than fused silica. No systematic study of this issue has been conducted

so far, although some improvements, such as “variable intercept factor,” have been

discussed (Chudoba and Jennett 2008). The complex elastic–plastic transformation

and pop-in phenomena that occur in sapphire upon indentation at small load of few

mN and displacement< 100 nm will not be discussed here (see, e.g., Dub

et al. 2014). With reference to Fig. 4.1a, we emphasize that these phenomena do
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not occur at larger load where the correct, load-invariant hardness of about 21 GPa

is found.

We shall not continue the discussion of the methods which should be used for the

measurement with the automated load-depth sensing “nanoindentation” technique.

We only emphasize that the example of sapphire should be a warning that much

care should be taken when measuring hardness of super- and ultrahard materials

using the “nanoindentation” technique. The so-called tip area correction is obvi-

ously a calibration of the instrument using a material with given elastic–plastic

mechanical properties, and this calibration does not need to apply to a material with

different elastic–plastic behavior.

In order to illustrate the problems which may happen when using the

“nanoindentation” technique without a deeper analysis of the method, we show in

Fig. 4.2 the mistakes which happen when the so-called corrected (in fact

“transformed” by the polynomial fit according to Doerner and Nix as explained

above) indentation curves are incorrectly taken as the true load–depth dependen-

cies, as done in Fischer-Cripps et al. (2012). Figure 4.2a is Fig. 2 from Veprek

et al. (2003c). One can see that the hardness of the nanocomposite coatings of

49.7 GPa obtained from the early version of Fischerscope H100 which used the

Doerner and Nix method for calibration (Doerner and Nix 1986), that of 48.4 GPa

obtained from the size of the remnant indent measured by scanning electron

microscope, SEM, and those obtained by linear extrapolation of 20, 30, and 35%

of the initial part of the unloading curve, agrees with the average value of the

48.7 GPa within 1.6%. In contrast, the value obtained by fitting this curve using the

Oliver and Pharr method yields only 28.8 GPa, lower by a factor of 1.7. However,

when the method of Oliver and Pharr is applied to the “as measured” curve, which is

the actual load-depth dependence, hardness value of 52.3 GPa is obtained. This

value is slightly higher than the correct one because of neglect of the tip rounding.

This difference is relatively small because the indentation depth of about 0.6 μm
was sufficiently large so that the neglect of the tip rounding causes only a relatively

small error.

In order to emphasize this point, we show in Fig. 4.2b the hardness of a reference

industrial diamond in dependence on the applied load. The results obtained from the

early version of Fischerscope H100 are displayed as asterisks. When applying the

Oliver and Pharr method to the “as measured” indentation curves and approxi-

mately accounting for the tip rounding, hardness of about 110 GPa is obtained. This

is in a reasonable agreement with the values of about 104 GPa obtained by the early

version of Fischerscope H100, which used the method of Doerner and Nix,3 and

with the value of 110 GPa measured on the same diamond by Fischer-Cripps

et al. (2006) who used the method of Oliver and Pharr. However, when the method

of Oliver and Pharr is applied to the “corrected” (i.e., transformed by the polyno-

mial function) curve of the Fischerscope H100, an incorrect hardness of about

3One has to consider the fact that the values obtained from the individual measurements show

relatively large scattering of up to 10%.
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Fig. 4.2 (a) “As measured” and “calibrated” indentation curves into superhard nc-TiN/a-BN

coatings. The apparent “hardness” obtained from the calibrated and as measured curve using

Oliver and Pharr method (Oliver and Pharr 1992) is 28.8 and 52.3 GPa, respectively (reproduced

from Fig. 2 in Veprek et al. 2003c with permission). (b) Crosses, hardness of diamond

vs. maximum applied load calculated by means of Oliver and Pharr method from the “as

measured” indentations curves without tip area corrections; full circles, after a simple tip correc-

tion assuming a tip radius of about 0.7 μm, roughly in agreement with the tip rounding reported

earlier (Veprek-Heijman et al. 2009); stars, hardness obtained from Fischerscope H100; open
circles, incorrect values of “hardness” obtained from the fit—using the Oliver and Pharr method—

of the indentation curves which have been calibrated according to Doerner and Nix method

(Doerner and Nix 1986)
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50 GPa, lower by about a factor of two, is obtained. This has been shown by the

authors already in 2003 (see Fig. 3 in Veprek 2003c). Exactly this mistake hap-

pened to Fischer-Cripps et al. in their paper where they claim that we measured the

hardness of the ultrahard nanocomposite coatings incorrectly, “too high by a factor

of two” (Fischer-Cripps et al. 2012).

Another effect, which may falsify the hardness measurement when using the

automated load-depth sensing technique, is the pileup that often occurs during

indentation into ductile materials. During the indentation, the ductile material

flows up along the diamond indenter, thus decreasing the apparent indentation

depth that is measured by the automated load-depth sensing techniques. As a result,

the indentometer is sensing smaller indentation depth than the correct one, thus

giving an incorrect, higher hardness. The only way to avoid this error is to measure

the size of the remnant indentation by a microscope. Many modern

“nanoindentometers” are equipped with atomic force microscope and thus enable

this task. Because pileup is relatively unlikely to occur when indenting superhard

materials, we don’t discuss this issue here in any more detail and refer to

the literature instead (Taljat et al. 1998; Bolshakov et al. 1997; Bolshakov and

Pharr 1998).

From this short overview of possible artifacts that may occur when using the

“nanoindentation,” it should be clear that the ultimate test remains the classical

two-step indentation method, where the size of the remnant plastic indent is

measured by a microscope after unloading. This statement is further supported by

the fact that many super- and ultrahard materials display ISE that is not related to

the finite radius of the indenter tip (see next section) which makes it necessary

to use large load of several N that many of the modern sophisticated

“nanoindentometers” do not provide. We refer to the paper by Brazhkin

et al. who emphasized these facts already in previous studies (Brazhkin et al. 2004).

2.3 Indentation Size Effect and the Possible Errors
of the Hardness Measurements

As already mentioned, the indentation size effect (ISE) can have a variety of

origins, including the rounding of the indenter tip. This can be compensated for

by a careful calibration of the instrument (“tip area correction”).

Another possible reason for the appearance of ISE is the incomplete develop-

ment of the plastic deformation beneath the indenter at low applied load which

leads to an apparently higher strength and hardness of materials when tested at

nanoscale. When materials, such as aluminum or copper, are tested by

“nanoindentation” with a load of a few 10 μN where the indentation depth

amounts to only a few 10 nm, the plasticity cannot fully develop and the behavior

of such materials corresponds to that of an ideal perfect single crystal (see,

e.g., Gouldstone et al. 2001; Li et al. 2002; Van Vliet and Suresh 2002). Such a
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behavior resembles the strengthening of nano-sized materials (Zhu et al. 2008)

although it is also found in large-grain polycrystals when indented at nanoscale. We

refer to a recent review by Pharr et al. for further details regarding ISE (Pharr

et al. 2010). Here we only emphasize that the hardness measurement by indentation

has to be done at sufficiently high load to assure that the material operates in a

regime of fully developed plasticity for which the criterion is that the hardness is

load invariant as described by Meyer already some time ago (Meyer 1908).

Even if a sufficiently high load is used and the tip area correction carefully done,

ISE may occur due to other artifacts. In Fig. 4.3 we show such an example: The

hardness obtained from the area of the remnant plastic deformation by calibrated

scanning electron microscope (SEM) is constant for all loads between 5 mN and

100 mN used, but the hardness values obtained from the indentometer show

a pronounced ISE, approaching the correct value only at a load of 70 mN.

As described in our earlier paper to which we refer for further details, this ISE

was due to anelastic4 deformation of the steel substrate (Veprek et al. 2003a).

Fig. 4.3 Hardness of a 6 μm thick nc-TiN/BN nanocomposite coating vs. applied load obtained

from indentometer Fischerscope H100 after tip area correction ( full symbols) and from the area of

remnant plastic deformation determined by calibrated scanning electron microscope (from Veprek

et al. 2003a) with permission)

4 Anelasticity is a reversible, time delayed deformation described, e.g., in Gottstein (2004).
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ISE which cannot be corrected for by the “tip area correction” routine has its

origin in the mechanical properties of the material being tested. Figure 4.4a shows

an example of strongly pronounced ISE in moissanite (6H-SiC—one of many

modifications of silicon carbide) where a load of about 100 N is needed to reach

the regime of load-invariant hardness (Brazhkin et al. 2004). Because these authors

refer to an unpublished work, we cannot discuss the possible reason for such large

ISE. Possibly, it can lay in the easy formation of stacking faults between the SiC

double layers which are well known to occur in SiC. This easy formation of the

stacking faults has, as a consequence, also the large number (more than 200) of

different polymorphs of this material. Possibly, many of such polymorphs appear

during the indentation into this material.

Another example of ISE is shown in Fig. 4.4b for ReB2 which has “low com-

pressibility” (large elastic moduli) and, therefore, has been suggested to be superhard

(Chung et al. 2007). However, as seen in Fig. 4.4b by extrapolation of the measured

data to larger load, the load-invariant hardness of ReB2, which would be obtained at a

larger loads than those used in this measurement, is less than 30 GPa. Obviously,

ReB2 is not superhard as incorrectly claimed in that paper (Chung et al. 2007) and in

several follow-up papers which refer to the value of 48 GPa measured at the low load

of 0.46 N. The reasons for the slow approach of the apparent hardness toward the

correct load-invariant value are most probably electronic instabilities and concomi-

tant structural transformations to other unstable and metastable structures with lower

shear resistance than the original equilibrium structure that occur under a finite shear

strain, as shown by Zhang et al. (2010). We refer to the paper of Zhang et al. and to

the recent review (Veprek 2013) for further discussion of this problem.

Because electronic instabilities upon a final shear are likely to occur in materials

with complex atomic valence orbitals, such as d-metals where electronic instabil-

ities upon shear due to crystal field splitting are likely to occur (Zhang et al. 2010,

2014; Veprek 2013), measurement of the hardness as function of applied load has to

be done to verify if the measured values are indeed load invariant. The data

presented in Fig. 4.3 clearly show that the ISE is absent in the nanocomposites at

loads of� 5 mN because the 3 nm small TiN nanocrystals approach the ideal

strength and therefore deform only elastically, whereas the interfaces are the carrier

of the plastic flow (see below).

Also diamond transforms to graphite upon shear of> 0.3 in the (111)[11–2] slip

system as shown by first-principles studies (e.g., Veprek et al. 2010a) and experi-

mentally observed by Raman scattering of the indented area (Gogotsi et al. 1999).

However, because of the relatively simple electronic structure of diamond, this

transformation requires a very high shear stress. Therefore, diamond is ultrahard.

Its correct, load-invariant hardness can be obtained already at relatively low

load of� 30 mN [see, e.g., Fig. 12a in Veprek et al. (2005)]. However, nano-

twinned diamond with average distance between the twins of about 4 nm displays

a pronounced ISE reaching the load-invariant hardness of about 200 GPa only
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at a load of 5 N [see Fig. 3a in Huang et al. (2014) and Fig. 4 in Xu and Tian

(2015)].5

As already mentioned, there is no any unambiguous rule which could predict at

what load the load-invariant value of hardness can be achieved in a given material.

As a somewhat vague rule of thumb, we would suggest that only materials with

simple electronic structure, such as diamond, or those where the regions of the

plastic flow are well defined, such as the grain boundaries in the superhard nc-TiN/

Si3N4 and related nanocomposites (Veprek et al. 2010a; Veprek 2013; Ivashchenko

et al. 2015), the ISE is likely to be small, and the load-invariant hardness can be

measured at relatively low load of few mN. For example, in the nc-TiN/Si3N4

nanocomposites with a thickness of 5–13 μm, the load-invariant superhardness has

been achieved already at a small load of� 5 mN [see Figs. 3 and 28a in Veprek

(2013)]. In materials with a complex electronic structure, such as the borides of

d-metals, a large load of up to several N is needed. This may be a limitation for the

use of the modern instruments for “nanoindentation” to determine hardness of

super- and ultrahard materials, because many of these instruments do not provide

a sufficiently large load.

2.4 Measurement on Hard and Superhard Coating on Softer
Substrates

Hard and superhard coatings are industrially used as wear protection coatings on

tools for machining (drilling, milling, turning, etc.), injection molding, stamping,

and the like (see, e.g., Inspektor and Salvador 2014; Mayrhofer et al. 2006; Veprek

and Veprek-Heijman 2008). Cemented carbide (WC-Co) and high-speed steel

(HSS) are used as materials of the tools. Hard coatings are used also in machine

parts; in medicine, as decorative coatings; and in many other applications. In almost

all these cases, the substrate is softer than the coating. Thus, the question arises as to

what conditions must be met to make sure that the hardness is measured correctly in

such a case. This problem has been discussed in some detail in the recent paper

(Veprek-Heijman and Veprek 2015) and references quoted therein. Here, we shall

give a short summary of this problem.

As we have seen in the previous section, the indentation load and concomitant

indentation depth must be sufficiently high to assure that the material being

5One might doubt if it is possible to measure hardness of 200 GPa using diamond indenter because

the diamond indenter has a hardness of only 80–100 GPa. This is possible because the diamond

indenter is loaded mainly in compression, whereas the material being indented is loaded predom-

inantly in shear (see, e.g., Fig. 13.8 in McClintock and Argon (1966), p. 454 and also Fig. 29 in

Veprek (2013) that shows the flow of the material in the indenter due to the indentation into an

ultrahard material). Diamond as well as the majority of intrinsically strong materials sustains up to

eight times higher stress in compression than in shear. The recent estimate of the maximum

pressure that diamond can sustain suggests a lower limit of about 420 GPa (Eremets et al. 2005).

4 Measurements of Hardness and Other Mechanical Properties of Hard. . . 119



measured operates in the regime of fully developed plasticity where the correct,

load-invariant hardness is obtained. The corresponding “minimum indentation

depth” may be as small as 100 nm for simple nitrides, carbides, or nanocomposites,

but several μm may be needed for some materials that display a slow approach to

the load-invariant value. The high elastic strain in the hard coatings may cause

plastic deformation of the softer substrate even when the plastically deformed zone

in the coatings beneath the indenter is relatively small and does not reach the

interface to the substrate. In that case, the measured “compound hardness” of the

coatings and softer substrates is obtained. When the hardness is measured, at

sufficiently thick coatings, as function of the increasing applied load

(or indentation depth), the obtained values change from that of the coatings to the

compound hardness of the system coatings/substrate that continuously decreases

toward the hardness of the substrate. Several models have been proposed to

evaluate the correct hardness of the coatings from the compound measured hard-

ness of the system coatings/substrate (e.g., Johnsson and Hogmark 1984;

Korsunsky et al. 1998; Bull et al. 2004). However, the range of the load where

these models work sufficiently well is relatively narrow, and high-quality experi-

mental data are needed. Therefore, these models are of limited use and shall not be

discussed here.

The linear FEMwork of Sun et al. (1995a, b) showed the influence of the ratio of

the yield strength of coatings and substrate and of the tip radius of a rigid indenter

on the loading curve in the indentation experiment. However, these calculations

were limited to linear FEM and to thin coatings of limited hardness. Here, we shall

summarize the results of nonlinear finite element modeling (FEM) which has been

recently conducted to determine the thickness of the coating of a given hardness on

typical substrates used, such as steel, silicon wafer, and cemented carbide (Veprek-

Heijman and Veprek 2015). He and Veprek (2003) conducted similar studies using

the linear FEM, but limited in the study as regards the range of hardness of the

coatings and the type of the substrates. Therefore, we shall not discuss them here.

The nonlinear FEM accounts for the pressure enhancement of elastic moduli6

and concomitant increase of plastic flow resistance due to the pressure beneath the

indenter that develops during the hardness measurement (Veprek et al. 2007). As

shown in Veprek et al. (2007), the distribution of the volumetric strain (elastic

deformation, Fig. 11 therein) and deviatoric strain (plastic deformation, Fig. 12)

under the indenter differ significantly for the linear and nonlinear FEM. This

emphasizes the need for using the nonlinear constitutive material model to calculate

how the strains in the coatings are transferred into the substrate and when they may

cause its plastic deformation.

6 Under isostatic pressure the elastic moduli are enhanced. For example, the bulk modulus at

pressure p is given by B(p) ¼ B0 þ b·p where B0 is the bulk modulus at zero pressure and b is the

proportionality factor which is typically between 3 and 5 for the majority of materials (Rose

et al. 1984).
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In our nonlinear FEM, we calculated the thickness of the coatings of a given

hardness that is needed to avoid plastic deformation of the given substrate when the

minimum indentation depth is 0.2 μm, using a dull indenter as explained above

(Veprek-Heijman and Veprek 2015). Figure 4.5 shows the minimum thickness of

the coatings of different hardness on three different substrates, as indicated, that is

needed to avoid plastic deformation of the substrate (i.e., plastic strain� 0.002 or

0.2%). For steel substrate we show also the results for somewhat larger onset of the

plastic strain of 0.004 to illustrate that in this range of the strain, the difference is

relatively small (Veprek-Heijman and Veprek 2015).

Usually, one refers to the “Bückle’s rule” according to which the indentation

depth should not exceed 10% of the thickness of the coatings in order to avoid the

plastic deformation of the softer substrate (Bückle 1965, 1973). In our recent paper

(Veprek-Heijman and Veprek 2015), we presented the dependence of the ratio of

thickness of the coatings to the indentation depth which is needed to avoid plastic

deformation of the substrate. Obviously, this rule does not apply for coatings with

hardness� 10 GPa on steel and for coatings with hardness of� 30 GPa on Si wafers

and cemented carbide. Clearly, Bückle’s rule does not apply when measuring the

hardness of superhard materials.
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Thus, the reader should use Fig. 4.5 of this paper as rough guideline to estimate

which thickness of coatings with given hardness on a given substrate is needed for

correct measurements. However, the reader has to consider that these data apply for

indentation depth of only 0.2 μm. If large indentation depth is needed to achieve the

load-invariant regime of the measured hardness, correspondingly thicker coatings

are needed. This has been emphasized and followed in our papers on the superhard

nanocomposites from the very beginning (Veprek and Reiprich 1995), but ignored

in many papers of other researchers where “superhardness” of 40–60 GPa has been

reported on 1–2 μm thick or even thinner coatings deposited on steel or Si sub-

strates. For example, Zhang et al. reported “hardness” of up to 38 GPa for

0.16–0.41 μm thick Ti-Si-N coatings which is obviously incorrect (Zhang

et al. 2004). Unfortunately, there are many other examples of reports on

“superhard” coatings where the hardness has been incorrectly measured [see

some examples quoted in Veprek-Heijman and Veprek (2015)].

When the hardness of ultrahard coatings is measured, the required thickness may

be too large for unambiguous verification that the obtained hardness is really load

invariant. For example, in the case of ultrahard coatings on steel or silicon, the

required thickness would be several tens of micrometers. Such coatings are difficult

or impossible to prepare because of biaxial compressive stress present in coatings

deposited by plasma chemical or physical vapor deposition. In such case, one has to

measure the compound hardness of the system coatings/substrate up to sufficiently

large load of at least 500 mN. Afterward, one has to use the nonlinear FEM to verify

the data obtained at large loads, where the plastic deformation of the softer substrate

occurs or even dominates. Only when the measured curve can be reproduced using

the nonlinear FEM with one constant value of the hardness of the coatings can the

value of hardness be considered correct.

This is illustrated in Fig. 4.6 which shows the comparison between the measured

hardness of 7.3 μm thick ultrahard quasi-ternary nc-TiN/Si3N4/TiSi2 coatings on

steel (with an additional interlayer of 3.4 μm TiN), determined from the scanning

electron micrographs and calculated by the nonlinear FEM. With reference to

Fig. 4.3, we note that the indentation size effect occurs at low load of less than

5 mN for the nc-TiN/BN coatings. In Fig. 28a of Veprek (2013), we have an

example of 13.8 μm thick nc-TiN/Si3N4 coatings which show load-invariant hard-

ness from the smallest load of 20 mN used, i.e., the indentation size effect occurs at

smaller load. There are more examples which show that in the nanocomposites

under discussion here, the ISE is limited to much smaller load because the plastic

flow occurs in the grain boundaries (Ivashchenko et al. 2015). Therefore, also in the

example shown in Fig. 4.6b, the indentation size effect is not seen because the

lowest load used was 50 mN.

In the FEM calculations, the only adjustable parameter has been the yield

strength of the coatings as described in Veprek-Heijman et al. (2009).7 One can

7 The reader should note that other parameters, such as elastic moduli of the materials of coatings

and substrate as well as their dependence on pressure, the yield strengths, and hardness of the

substrate, enter the FEM calculations as constant materials parameters.
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see that the experimental data agree very well with the nonlinear FEM calculations

up to high load of 1000 mN. Thus, the hardness of about 115 GPa measured at load

of 50 and 70 mN is the correct hardness of the coatings because the nonlinear FEM

reproduces very well the compound hardness of the system coatings/substrate up to

the highest load of 1000 mN. We emphasize again that indentation size effect can

be ruled out in these data. Note that at a load of 500 mN, the compound hardness is
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still close to 80 GPa. As discussed in Chap. 6, in these nanocomposites the grain

boundaries are the carrier of the plastic flow, whereas the 3–4 nm size TiN

nanocrystals deform only elastically. For this reason the load-invariant hardness

is measured already at the low load of 50–70 mN.

In conclusion to this subsection, we emphasize that the hardness of hard and

superhard coatings can be correctly measured only when the coatings are suffi-

ciently thick to avoid the plastic deformation of the substrate and to verify that the

measured value of hardness is load invariant. In the case of ultrahard coatings,

where the required thickness of the coatings would be too large, nonlinear FEM has

to be used to verify if the compound hardness of the system coating/substrate yields

a correct value of the hardness of the coating. Application of the Bückle’s rule,

according to which the indentation depth should not exceed 10% of the thickness of

the coatings, is not justified for superhard coatings on soft substrates.

3 Measurement of Elastic Moduli

The Young’s modulus is conventionally determined in a classical tensile stress test.

However, the preparation of the sample for such test is difficult or impossible when

the measurement should be done with hard and superhard materials. Moreover,

novel ultraincompressible materials, which are believed to be possibly superhard,

are often prepared in very small quantities and as small grains which are not

suitable for the classical measurements. Therefore, other methods for the determi-

nation of Young’s and other moduli have to be used.

In principle, Young’s modulus might be evaluated by the load–depth-sensing

technique using the method of Oliver and Pharr that enables to determine the

“reduced modulus,” Er,, given by Eq. 4.2 (1992). Here, E is the Young’s modulus

and ν is the Poisson’s ratio of the coatings and Ei and νi are the same parameters for

the indenter (Oliver and Pharr 1992):

Er ¼ 1� ν2

E
þ 1� νi

Ei
ð4:7Þ

Although this method works reasonably well for softer materials, its application

to superhard materials is not guaranteed because the analysis of the unloading part

of the indentation curve is based on linear elastic–plastic behavior. This alone may

cause errors of the evaluated Young’s modulus at more than 20% (Veprek RG

et al. 2007). Moreover, the concept of the reduced modulus and applicability of the

Sneddon’s solution on which the concept of the measurement is based have been

questioned by several researchers (e.g., Bolshakov and Pharr 1997; Hay et al. 1999;

Chaudhri 2001; Chaudhri and Lim 2007; Rodriguez et al. 2011). We don’t want to
discuss this complex issue here. Instead we shall discuss other techniques which are

suitable for the determination of elastic moduli of superhard materials. Because, as

mentioned, the classical tensile stress–strain test, from which Young’s modulus can
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be determined, is difficult to conduct with superhard materials and coatings, we

shall focus on other methods of the measurements which do not suffer from this

difficulty.

The bulk modulus B can be determined from high-pressure X-ray diffraction

(XRD), when small samples of the material are inserted into diamond anvil cell and

exposed to high pressure and the change of the spacing of the crystallographic

plains as function of applied pressure is determined from XRD. This method is

described in a number of papers to which we refer for further details (e.g.,

Jayaraman 1983; Cynn et al. 2002). It has been also used to measure the bulk

modulus of superhard nanocomposites (Veprek et al. 2010b). The sample prepara-

tion is simple because small quantity of powder of a grain size of> 10 μm is

sufficient for such measurements. The only problem may be that synchrotron

radiation is needed for such studies, but this should not be a serious problem

nowadays. In such experiments, also the pressure dependence of the bulk modulus

is obtained (e.g., Veprek et al. 2010b).

Young’s modulus E of thin films can be measured by the vibrating reed method.

In this case, the coatings are deposited on both sides of an elongated substrate strip

made of an elastic metal that is subsequently fixed on one end, and its mechanical

oscillations are excited by means of an appropriate actuator. The resonant fre-

quency of the oscillating reed is measured, and the Young’s modulus of the coating

is calculated from a well-established formula (Li et al. 2004). This method can be

simultaneously used to evaluate the internal friction of poly- or nanocrystalline

coatings which provides an important information about the structural stability of

the grain boundaries, segregation of the phases, and formation of stable poly- or

nanocrystalline structure (see Li et al. 2004, 2005).

Probably the most convenient method for measuring elastic moduli is Brillouin

surface scattering (BSS; see, e.g., Zinin et al. 1999; Abadias et al. 2014a, b) which

allows to simultaneously determine the Young’s modulus, E, and shear modulus,G,
which also yield the Poisson’s ratio ν due to the relationship G¼E/2(1þ ν) (see,
e.g., Kelly and Macmillan 1986). In such a way, all three moduli can be compared

using the well-known relationships between them (Kelly and Macmillan 1986).

Using the combination of high-pressure XRD, vibrating reed, and Brillouin surface

scattering, all three moduli of the nc-TiN/Si3N4 nanocomposites have been deter-

mined with high accuracy and agreement between all three methods within less

than 5% as shown in Table 4.1 (Veprek et al. 2003c). Obviously, the vibrating reed,

surface Brillouin scattering, and high-pressure XRD are the methods of choice for

the measurements of the elastic moduli of superhard and ultrahard materials.

Table 4.1 Average values of Young’s E, bulk B, and shear modulus G measured on TiN and on

superhard nc-TiN/Si3N4 nanocomposites by vibrating reed, high-pressure XRD, and surface

Brillouin scattering using a large number of samples (see Veprek et al. 2003c)

E (GPa) B (GPa) G (GPa)

445� 20 295� 15 195�15
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Ultrasonic interferometry can be used for the determination of second-order

elastic constant of bulk samples from which elastic moduli B and G can be

calculated using the well-known formulae (see review by Jacobsen et al. 2005).

Thus, also the Poisson’s ratio and Young’s modulus can be obtained. The recent

development of this technique into the gigahertz range allowed one to measure

elastic moduli with high precision of about 0.1 and 1% for samples of 1 and 0.1 mm

size, respectively (Chang et al. 2014). The measurements can also be done on

samples placed in diamond culets and exposed to high pressure. As far as we know,

this method has not been used so far for measurement of elastic properties of thin

films on a substrate. Most probably, the usually small thickness of the coatings and

the presence of the substrate will make it difficult.

4 Measurement of Stress in the Films Deposited
on a Substrate

Because optimally processed superhard bulk materials should be free of noticeable

stresses, we shall concentrate on the measurement of stress in polycrystalline thin

films on a substrate. One has to distinguish between the random stress which

originates from the grain boundaries and biaxial stress of the coatings that may

have a variety of origins. However, we have to keep in mind that random strain and

concomitant stress are likely to appear in the recently prepared nanocrystalline

diamond (Chang et al. 2014) and in nano-twinned c-BN (Tian et al. 2013) and

diamond (Huang et al. 2014; Xu and Tian 2015). No such studies have been done

so far.

The random stress has its origin in dislocations or in strain within the grain

boundaries of polycrystalline material that causes random dilatation and compres-

sion of the crystallites, which contributes to broadening of the Bragg reflection in

XRD. The most reliable determination of the random strain provides the integral

method of Warren and Averbach, which uses the Fourier transform to distinguish

between the broadening of the Bragg reflections due to the random strain and

broadening due to finite crystallite size (Warren and Averbach 1952; Klug and

Alexander 1974; Mittemeijer and Welzel 2008). The frequently used method of

Williamson and Hall (Williamson and Hall 1953; Hall 1949; Hall and Williamson

1951; Pelleg et al. 2005) assumes additive contribution of the broadening due to

finite crystallite size and random strain to the experimentally measured peak width

that is however valid only if the peaks have Cauchy profiles (Klug and Alexander

1974, p. 635). This is generally not the case. Therefore, the integral method of

Warren and Averbach has to be used. The random strain and concomitant stress

within the grain boundaries in the superhard nc-TiN/Si3N4 nanocomposites with

3–4 nm size TiN nanocrystals can reach high values of� 7 GPa [see Fig. 5 in
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Niederhofer et al. (1999)] which may—in long terms—destabilize some metastable

phases within the grain boundaries [see Veprek (2013) and references therein].

Biaxial stress in thin films may be due to mismatch of the coefficient of thermal

expansion, or to ion bombardment during the film growth, or to a variety of other

effects. The stress may also change with the depth in the film and in particular

during the film growth. Because the discussion of the different type of the stress is

beyond the scope of this chapter, we limit our discussion only to the compressive

biaxial stress that is caused in the films by energetic ion bombardment during

growth in plasma chemical and physical vapor deposition and is important for,

e.g., the adherence of coatings on tools.

A medium compressive stress of 1–3 GPa, which is obtained by bombardment of

the growing film with low-energy ions [see, e.g., Fig. 1 in Veprek et al. (1987)], is

beneficial because it makes the film dense which avoids incorporation of impurities

when the film is—after the deposition—exposed to air. However, a too large

compressive stress causes undesirable delamination. For these reasons the mea-

surement of the stress is needed. This can be done by measurement of the shifts of

the Bragg peaks in XRD using the so-called sin2φ method (Noyan and Cohen

1987). However, there are several assumptions behind this method which are not

always met in the praxis. Therefore, the simple method of the measurement of the

curvature of the film/substrate system after the deposition of the film is, according

to the experience of the present authors, much easier and reliable. The measurement

can be done after the deposition, but the evolution of the stress during the growth,

which may be quite complicated, can be also done in situ during the film growth

(see, e.g., Fillon et al. 2010; Chason 2012; Abadias et al. 2008, 2011, 2013, 2014c).

The stress in the film is evaluated from the bending of the system film/substrate

using the Stoney’s formula (Stoney 1909; Janssen et al. 2009). The multiple laser

beam reflection from the surface of the film (or from the substrate) is a more

elaborate technique to measure the bending of the system substrate/film (Chason

2012), but for the “daily” deposition experiments, the determination of the stress

from the bending measured by optical microscope is in most cases sufficient.

Stress in the coatings may also influence the measurement of the mechanical

properties of the thin films, in particular by “nanoindentation.” We refer to the

published papers for further details (e.g., Bolshakov et al. 1996; Tsui et al. 1996;

Keutenedjian Mady et al. 2012). The hardness of transition metal nitrides deposited

by reactive sputtering under ion bombardment at relatively low temperature can

reach very high values [e.g., up to almost 80 GPa for TiN (Musil et al. 1988) and

more than 40 GPa for a variety of nanocomposites consisting of hard transition

metal nitride and ductile metal that does not form nitride (Musil 2000)], but upon

annealing to� 500 �C, the hardness decreases to its usual value (Karvankova

et al. 2001). These coatings are discussed in Chap. 6.
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5 Tensile Yield Strength

Tensile yield strength is the applied tensile stress where—after unloading—the

remnant plastic deformation amounts to 0.2%, i.e., plastic strain 0.002 (Gottstein

2004, p. 203). It can be exactly measured only in a tensile test, which—as already

discussed—is not an easy task to conduct with superhard materials. Moreover,

special sample preparation is required for the tensile test, which is very difficult to

do when the material is available only as small species. Eremets et al. (2005)

determined the yield strength of diamond of about 130–140 GPa by measuring

the pressure distribution over the diamond anvils and by using the theory of

elasticity. This method can be applied to other superhard materials.

As a very rough estimate, one may use the relation between the hardness H and

tensile yield strength Y, H¼C ·Y with the constraint factor C� 2.6–2.8 that has

been calculated by several researchers and more recently also by means of

nonlinear FEM (Veprek-Heijman et al. 2009). A detailed discussion of the meaning

of the constraint factor can be found in Veprek (2013), Appendix B.8 When the

hardness is measured correctly, the uncertainty of the yield stress should not be

more than about 20%. But, as mentioned, the reliability of such values is limited.

6 Summary

A correct measurement of hardness of super- and ultrahard materials must assure

that the reported value is load invariant. In many cases of intrinsically super- and

ultrahard materials, this can be achieved only at very large load of several

N. Because the majority of the modern automatic load–depth-sensing instruments

(“nanoindenters”) do not allow one to apply high loads of several N, and because of

many other possible artifacts that may occur when using this technique, the most

reliable way to measure the hardness is the classical two-step method, where after

unloading, the size of the remnant plastic indentation is measured with a micro-

scope. In this case one also avoids the problem arising from different elastic–plastic

behavior of different materials used for the calibration of the “nanoindentometer”

and materials being measured. We have shown several examples of possible

artifacts which can occur when the “nanoindentometers” are used.

8 It has been claimed that for extrinsically superhard materials, the expanding cavity model (Hill

1950) should be used that yields a much smaller value of the constraint factor (Fischer-Cripps

et al. 2012). However, in the expanding cavity model, only radial flow of material occurs, whereas

in the superhard nanocomposites, the flow resembles that of the slip-line fields (Hill 1950;

McClintock and Argon 1966) that yields the constraint factor of 2.7–3 [see Veprek (2013),

Appendix B, and Fig. 29 therein]. The expanding cavity model is useful for elastomers, some

polymers, and materials that plastically deform by densification, such as silicate glasses, but not

for superhard ceramic materials.
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When measuring on super- and ultrahard materials, an initially sharp diamond

indenter undergoes plastic deformation which finishes at a “radius” of about

0.5–0.7 μm. Therefore, the hardness measurement on super- and ultrahard materials

can be done only with a dull indenter. This requires relatively high applied load to

develop full plasticity in the material being tested.

A particular problem is the measurement on super- and ultrahard coatings

deposited on a softer substrate. We have shown that the Bückle’s rule does not

apply, and therefore very thick coatings are needed. This problem may be solved by

a combination of the measurement of the compound hardness of the coating/

substrate system as function of the applied load and nonlinear finite element

modeling.

We briefly discuss also the measurement of elastic moduli, stress in the coatings,

and tensile yield strength.
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Chapter 5

Fracture Toughness of Hard and Superhard
Materials: Testing Methods and Limitations

Dr. Declan Carolan and Prof. Alojz Ivankovic

Abstract This chapter reviews the most important testing techniques for determi-

nation of fracture toughness in use today. A discussion of the merits and demerits of

each technique is provided. A brief introduction into Linear Elastic Fracture

Mechanics is provided. Finally a brief discussion of the statistical nature of the

strength of superhard materials is introduced.

1 Introduction

Hard and superhard materials are promising engineering materials possessing very

high strength and hardness in comparison to many metals and steels. In addition

they typically possess very high melting points and, with the notable exception of

diamond-based materials, maintain excellent chemical stability at elevated temper-

atures. However, their low resistance to fracture limits their reliability as an

engineering material. Typical values for the fracture toughness of superhard mate-

rials are in the range of 1–12 MPa m½.

Fracture toughness is a measure of a material’s ability to resist crack initiation

and propagation from a pre-existing flaw. Largely unheard of before World War II,

it is now a fundamental topic of study for mechanical engineers. The brittle nature

of ceramics and hard materials results from their mixed ionic–covalent bonding,

which provides only a limited number of independent slip systems that are neces-

sary to achieve the homogeneous plastic deformation observed in metallic materials

(Kingery et al. 1976; Sakai and Bradt 1993). As a result of this inherent brittleness,
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a crack in a brittle material is usually considered to extend through a stepwise bond

rupture process (Lawn 1983). Brittle fracture is defined by Knott as the onset of

unstable crack growth when the applied stress is below the yield stress of a material

(Knott 1973). In reality, however, even the most brittle materials undergo some

small-scale yielding close to the crack tip.

There are two main types of fracture in polycrystalline superhard materials,

transgranular and intergranular. In transgranular fracture, as the name suggests, the

crack travels through the grain of the material. The fracture can change direction

from grain to grain due to the difference in orientation of the preferential slip planes

of the individual crystals. Intergranular fracture occurs when the crack travels along

the grain boundaries.

Brittle fracture is associated with small deformation. Consequently LEFM is

usually appropriate without the need for recourse to the more computationally

demanding theories of elastic plastic fracture mechanics.

1.1 Energy Balance Approach to Fracture

The first breakthrough in fracture mechanics came from A.A. Griffith with his classic

paper in 1921 (Griffith 1921). Griffith considered a single crack in an infinite medium

based on the earlier solution of Inglis (1913). He showed that the dichotomy between

the theoretically predicted strength of a material based on a direct calculation of the

cohesive forces between the atoms or molecules of a material and the experimentally

measured strengths (which are orders of magnitudes lower) could be explained by the

presence of microscopic cracks and flaws, which act as stress concentrators.

The 1913 paper of Inglis studied the stress concentration effect of an elliptical

hole, with semimajor axis, a, and semiminor axis, b, in an infinite flat plate subject

to a remote tensile loading (Fig. 5.1). He developed an expression relating the stress

distribution at the tip of the major axis to the remote stress, σ, as

σy ¼ σ 1þ 2a

b

� �
ð5:1Þ

As the semiminor axis, b, approaches zero, the hole begins to approximate a sharp

crack and Eq. (5.1) is more conveniently represented in terms of the radius of

curvature r ¼ b2=a:

σy ¼ σ 1þ 2

ffiffiffi
a

ρ

r� �
ð5:2Þ

It can be clearly seen that as r approaches 0, the predicted stress at the tip of the

crack becomes infinite. This is clearly a concerning result and motivated Griffith to

develop his theory based on energy rather than stress.
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The Griffith and later Orowan (1948) criterion for fracture states that crack

growth can only occur if the energy required to extend a crack of length a in a

system by an infinitesimal length da can just be delivered to the system. Applying

the conservation of energy to an arbitrary control volume,

dUe ¼ dUd þ dUs þ dUk ð5:3Þ

Note that in Eq. (5.3), dUe represents the external energy supplied to the control

volume, dUd represents the energy that is irreversibly dissipated at the crack tip

including the surface energy of the newly formed crack and plastic work, dUs

represents the change in elastic potential energy and dUk represents the change in

kinetic energy. If the crack then grows by an infinitesimal area dA, then we can

write

dUe

dA
¼ dUd

dA
þ dUs

dA
þ dUk

dA
ð5:4Þ

where dUd/dA is defined as the fracture resistance of the material, Rf. The reduction

in elastic potential energy due to this crack growth is defined as the strain energy

release rate,GI. Upon crack initiationUk¼ 0 and dUk/dA¼ 0 for a quasi-static crack
(for a dynamic crack, dUk/dA� 0), and so for fracture to occur, we require GI–
Rf� 0. Therefore, fracture occurs when GI�Rf. This is termed the critical strain

energy release rate, GIc, and is a material property at a given loading rate and

temperature.

2b

σ

σ

2a

x

r

y

A

Fig. 5.1 Inglis’ solution for
the stress distribution

around an elliptical hole in

an infinite plate
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1.2 Stress-Intensity Factor Approach

An alternative approach to fracture assuming linear elastic was proposed by Irwin

in 1956 (Irwin 1956) and considers the stress field associated with the crack tip. A

semi-infinite plate with a crack subject to a remote mode I (opening) tensile loading

is considered as shown in Fig. 5.2. The stress fields in the immediate vicinity of the

crack tip can be expressed as

σij ¼ KIffiffiffiffiffiffiffi
2πr

p f ij θð Þ ð5:5Þ

where σij are the components of the stress tensor at the point of interest, r and θ are
the polar coordinates of the point and fij is a function of θ. KI is termed the mode I

stress-intensity factor and is a parameter which gives the magnitude of the elastic

stress field at the crack tip. Westergaard (1939) has previously shown that for a

plate of thicknessW containing a sharp crack under an applied remote stress σ0, the
stress function that relates σ0 to the local field in the vicinity of the crack tip is of the
form

σij ¼ σ0
a

2r

� �1=2

f ij θð Þ ð5:6Þ

Combining Eqs. (5.5) and (5.6), it can be seen that

y

a

r

q’ x

σ

σ

Fig. 5.2 Edge crack in a

semi-infinite plate subject to

a remote tensile stress
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KI ¼ σ0
ffiffiffiffiffi
πa

p ð5:7Þ

A more general expression to account for the effect of finite geometries can be

derived as

KI ¼ σ0
ffiffiffiffiffi
πa

p
f

a

W

� �
ð5:8Þ

where f a
W

� �
is a dimensionless parameter that depends on the geometry of the test

piece,W, and of the crack, a. Closer examination of Eq. (5.6) reveals that the stress

is proportional to 1=
ffiffi
r

p
and as r.

Following the above analysis, it can be shown that the stress-intensity factor

approach to fracture mechanics is equivalent to the energy-based approach outlined

in Sect. 1.1 For a cracked body under mode I loading, the relationship can be

expressed as

GIc ¼ K2
Ic

E*
ð5:9Þ

where E*¼E for plane stress and E*¼E/(1� υ2) for plane strain.

2 Standard Fracture Toughness Test Methods for Hard
Materials

In comparison with other materials such as metals and polymers, ceramics and hard

materials are rather brittle. This coupled with their high stiffness makes them

difficult to obtain reliable data. Fracture toughness is usually the limiting factor in

the use of superhard materials.

Several experimental test methods exist for the determination of fracture tough-

ness of hard materials. These methods vary as to ease of use, costliness, reproduc-

ibility and appropriateness of the calculated fracture toughness. The basic

procedure for the measurement of fracture toughness involves three steps:

• Generation of a precrack in a test specimen

• Measurement of the failure load

• Calculation of the critical stress-intensity factor, KIc

In order to help standardise the measurement of fracture toughness for ceramics

and hard materials, the European Structural Integrity Society’s Technical Commit-

tee for ceramics recently carried out a round robin (Primas and Gstrein 1997). They

found that large variations existed between the different test methods, and further-

more, significant variations existed between laboratories for similar tests. This

discrepancy was ascribed to the number of uncontrolled parameters during testing.
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The round robin found that the most reproducible results were obtained via the

chevron-notched beam method (with the proviso of stable crack growth), the

surface crack in flexure method and the single-edge notched beam method (pro-

vided the notch width is below a critical notch width).

Moreover, the ASTM standard for determining the fracture toughness of

ceramics suggests the use of the single-edge precracked beam, chevron-notched

beam and the surface crack in flexure methods in either three- or four-point

bending. Interestingly, it is also explicitly stated in this standard that the reported

fracture toughness values would differ depending on the method used.

Finally Morell (2006) reviewed the progress in fracture toughness testing

methods for ceramics widely reported in the literature. He concludes that only the

single-edge precracked beam, chevron-notched beam, surface crack in flexure and

single-edge V-notched beam are appropriate for standardisation. A number of other

test geometries, e.g. double cantilever beam (Nicholson 1990; Sørenson

et al. 1996), short rod chevron notch (Bubsey et al. 1982) and double torsion (Lin

et al. 1994), which although satisfactory from a fracture mechanics point of view,

are excluded due to the difficulty and expense in producing satisfactory test

specimens.

It is therefore clear that there is still some uncertainty regarding the most

appropriate method of establishing the fracture toughness of a superhard material.

The rest of this chapter critically reviews the most promising methods.

2.1 Single-Edge Precracked Beam (SEPB)

The single-edge precracked beam is based on a flexural strength test piece in which

a sharp precrack has been introduced at the midspan. Generation of the precrack is

key, and there are four main methods in the literature to do this: bridge loading, stiff

loop precracking, fatigue precracking and wedge precracking.

2.1.1 Bridge Precracking

The bridge precracking technique was originally developed in Japan (Nunomura

and Jitsukawa 1978) and has since been widely adopted by a number of researchers

(Nose and Fujii 1988; Warren and Johannsen 1984; Bar-On et al. 1990). In this

method a small notch or line of indentations introduced by a Vickers indenter is

placed on one face of a rectangular prism flexural strength specimen as shown in

Fig. 5.3. The specimen is then compressed between two anvils. The top anvil is flat,

while the bottom anvil has a small gap under the prenotch. Upon compressing a

local tensile stress is induced in the specimen ahead of the prenotch. At a certain

critical load, a crack develops ahead of the prenotch. The constraining global
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compressive stress field permits the crack to ‘pop’ and then stop before completely

fracturing the specimen. Detection of this crack is usually achieved with an acoustic

sensor.

The introduction of a straight crack is the main difficulty with this method as any

slight misalignment can result in angled cracks. A variation of this technique that

involves axial compressive loading combined with flexural impact has been

reported successfully for tool steels (Eriksson 1975; Wronski et al. 1988) although

it has not been reported for hard materials yet.

2.1.2 Stiff Loop Precracking

The stiff loop precracking method, as the name suggests, involves careful bending

of the sample in a mechanically stiff system such as the one suggested by Morell

and Parfitt (2005) or Fett et al. (1995). Their system had a frame compliance of

3 mm/kN at a compressive load of 5 kN. They successfully applied the method to

both chevron and V-notched ceramics although they note that it was unsuccessful in

introducing precracks in the stiffer hard metals. However, they suggest that either a

redesign of the facility or a modification of the test piece geometry may lead to a

further reduction in compliance of the precracking system.

Speciment

Upper
Anvil

Lower
Anvil

P

Fig. 5.3 Schematic of bridge indentation precracking method (adapted from Nose and Fujii

(1988))
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2.1.3 Fatigue Precracking

Routinely used for metals and polymers, fatigue precracking has had limited

success when applied to ceramics. Suresh et al. (1987) have successfully applied

a pulsating compressive load to introduce a precrack into coarse and fine-grained

alumina. Achilles (2007) points out the difficulties when this method is applied to

stiffer ultrahard materials such as polycrystalline diamond. The closeness of ΔKth to

KIc means that extremely precise control of the test machine is required in order to

avoid complete failure and loss of the specimen.

2.1.4 Wedge Precracking

Precracking of hard metals via wedge indentation has been suggested by Almond

and Roebuck (1978). This method is similar to the introduction of surface cracks via

Vickers indentation, the difference being that the wedge indenter introduces a

planar crack extending from the indented face of the specimen. This is clearly

shown in Fig. 5.4.

Upon preparing a batch of precracked specimen, they can then be tested to

failure using the conventional three- or four-point bending fracture toughness test.

2.2 Chevron-Notched Bend (CNB) Test

The chevron-notched bend specimen is a well-established method to measure the

fracture toughness of brittle ceramic materials (Reddy et al. 1988, more refs here).

The chevron-notched bend test has been adopted as both an ASTM standard

(ASTM 2001) and an ISO standard (ISO 2005). The chevron notch is a V-shaped

ligament as shown in Fig. 5.5.

One of the main advantages of the CNB specimen is that they require no

precracking. The specimen produces the sharp crack during loading. Furthermore,

the extremely high stress concentration at the tip of the chevron notch ensures that

the crack initiates at a low applied load, and the profile of the chevron notch dictates

Load Load

Side view End view

Plastic 
zone

Crack

Indenter
Fig. 5.4 Precracking via

wedge indentation after

Almond and Roebuck

(1978)
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that the stress-intensity factor passes through a minimum as the crack grows. The

fracture toughness can be directly measured from the maximum test load, and a

complete record of load and displacement or crack length is not strictly required.

Typical load–displacement curves resulting from an experimental test are shown

in Fig. 5.6. In order for a test to be valid, the load–displacement curve must exhibit a

smooth maximum (Fig. 5.6a); crack pop-in and subsequent stable crack growth as

shown in Fig. 5.6b are also considered valid tests. A sharp drop-in load however is

indicative of an invalid test, and fracture toughness calculations made using this

data will overestimate the fracture toughness.

KI
Chevron Notch

Straight Notch

Crack Length

a0

a0

am

a1

a1am

Fig. 5.5 Comparison of stress-intensity factor with crack length for chevron- and straight-notched

specimens. Note the minimum KI for the chevron-notched specimens (adapted from Anderson

2005)

Displacement

(a) (b) (c)

Lo
ad

Fig. 5.6 Typical load–

displacement curves

obtained during chevron-

notched bend tests
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The non-linearity in the load–displacement curve is caused by the crack prop-

agation along the chevron notch. The fracture toughness can be calculated via

KIc ¼ F

b
ffiffiffiffi
w

p Y* ð5:10Þ

where F is the load to failure, b is the width of the specimen and w is the height. Y*
is a geometric function known as the minimum stress-intensity coefficient which

depends on the precise specimen and notch geometry used in the experiment. Munz

et al. (1980) have determined the following for the four-point bending specimen

shown in Fig. 5.7:

Y* ¼ 3:08� 5:00α0 þ 8:33α20
� �

1þ 0:007

ffiffiffiffiffiffiffiffi
s1s2
w2

r� �
α1 � α0
1� α0

s1 � s2
w

ð5:11Þ

where s1 and s2 are the inner and outer roller distance, a0¼ a0/w and a1¼ a1/w.
Equation 5.11 is valid for 0.12� a0� 0.24 and 0.9� a1� 1.

2.3 Indentation Fracture (IF)

Chantikul et al. (1981) and Anstis et al. (1981) proposed an indentation fracture

toughness measurement method for ceramic materials. Two different methods were

proposed by these authors—(i) a direct crack measurement and (ii) an indirect

method. The indirect method uses an indenter to initiate a small crack in a sample

and then submit it to three- or four- point bending. KIc is computed from indentation

s1

s2

w

b

Fig. 5.7 Four-point bending specimen with chevron notch
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load, P, and the bending strength σc of the indented specimen. Chantikul

et al. (1981) give the following empirical formula:

KIc ¼ 0:59
E

H

� �1=8

σcP
1=3

� �3=4

ð5:12Þ

The product σcP
1
3

� �
should be independent of P. The indirect indentation fracture

test is similar to the surface crack in flexure test discussed in Sect. 2.4. However in

the SCF test, the stress field due to the indentation is removed, whereas in the

indirect indentation test, it is accounted for in the mathematics of the KIc equation.

Chantikul and co-worker’s direct method, also called simply the Vickers inden-

tation fracture (VIF) test (Quinn and Bradt 2007), has been widely used to estimate

the fracture toughness of ceramics and hard materials over the last 40 years.

Palmqvist (1957) was the first to advocate the cracks formed via indentation.

Palmqvist’s concept was later developed into a fracture toughness test by Evans

and Charles (1976). The original equation was first refined by Marshall and Evans

(1981) and then by Anstis et al. (1981). Niihara (1983, 1983a) has published an

alternative equation designed to specifically address the issue of Palmqvist cracks.

In this chapter we concentrate on the equation presented by the group of Chantikul

and Anstis as it appears to be the most widely adopted in the literature.

The direct method calculates the hardness, H, from the shape of the indents

shown in Fig. 5.8 and uses this value to calculate the fracture toughness:

H ¼ P

αa2
ð5:13Þ

2a2c

indentationplastic zone

medial/radial cracks

Fig. 5.8 Cracking around a

hardness indentation. After

Wachtman et al. (2009)
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where a is a numerical factor, equal to 2 for a Vickers indent, and P is the applied

load. The fracture toughness is then calculated via

KIc ¼
ζ E

H

� �1=2
P

c3=2
ð5:14Þ

where ζ is a dimensionless constant, E is the Young’s modulus and P is the

indentation load. Primas and Gstrein (1997) note that the accuracy of crack length

measurements using this technique is highly dependent on both the equipment and

the subjectivity of the scientist carrying out the test. Hence, this method is partic-

ularly susceptible to error. Furthermore, following the work of Carolan (2011), it

was found that the indentation fracture method was particularly unsuitable for

superhard materials specifically PcBN. In a recent review, Quinn and Bradt

(2007) conclude that there is no one equation that can satisfy the expected fracture

results for a number of materials. They definitively conclude ‘the VIF method

should not be used for fracture toughness testing, even if just for a comparative

basis’. Nevertheless, the simplicity of the technique means that it continues to be

widely used in the literature despite the mounting evidence that it is unsuitable as a

fracture toughness test method.

2.4 Surface Crack in Flexure

The surface crack in flexure was first suggested by Petrovic and Mendiratta (1979).

It provides a flaw that is closest to the size of flaws commonly found in components.

The precracks can be introduced using preferably a Knoop indenter, although a

Vickers indenter can also be used. The long axis of the Knoop indenter should be

aligned across the sample test piece. Sufficient force should be applied so as to

ensure that a halfpenny crack is formed.

The indentation procedure produces a compressive residual stress field around

the indent. This is removed by surface grinding. It is recommended that the surface

layer to be removed be typically between 4.5 and 5 times the depth of the indent

(ISO 2003).

The sample is then fractured in four-point bending. Identification of the initial

crack size is conducted post mortem and can require some skill and experience on

the part of the individual. Quinn et al. (1994) suggest that angling the indenter at a

small angle (~1/2�) to the specimen surface can significantly improve the detection

of the initial crack. A typical initial crack is shown in Fig. 5.9 (Quinn 2007).

The fracture toughness in four-point bending is calculated via the following

expression:

KIc ¼ Y
3Pmax s0 � s1ð Þ

2bw2

� � ffiffiffi
a

p ð5:15Þ
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where Pmax is the maximum load during the test, a is the initial crack depth and

b and w are the width and depth, respectively. s0 and s1 are the outer and inner spans
of the four-point bend test. The stress-intensity coefficient Y varies around the

crack. In general Y is calculated at the surface of the crack and at the maximum

depth of the crack and the larger of these two values is used in Eq. (5.15). Newman

and Raju (1981) provide the equations to calculate Y.
At the specimen surface,

Y ¼ ffiffiffi
π

p M

ϕ
H1

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
a

c

� �
1:1þ 3:5α2ð Þ

r
ð5:16Þ

At the maximum depth of the crack,

Y ¼ ffiffiffi
π

p M

ϕ
H2 ð5:17Þ

The quantities H1, H2, M and ϕ are given by

H1 ¼ 1� 0:34þ 0:11
a

c

� �h i
α ð5:18Þ

H2 ¼ 1� 1:22þ 0:12
a

c

� �h i
αþ 0:55� 1:05

a

c

� �3
4 þ 0:75

a

c

� �3
2

	 

α2: ð5:19Þ

Fig. 5.9 Surface crack in flexure in silicon nitride (taken from Quinn 2007). The arrows indicate
the extent of the initial crack
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M ¼ 1:13� 0:09
a

c

� �
þ �0:54þ 0:89

0:2þ a
c

	 

α2

þ 0:5� 1

0:65þ a
c

� �þ 14 1� a

c

� �24
� �" #

α4: ð5:20Þ

ϕ ffi 1þ 1:464
a

c

� �1:65
	 
1

2

ð5:21Þ

The geometrical terms in the above equations are as shown in Fig. 5.10. a has its

usual meaning, a¼ a/W.

The surface crack in flexure with Knoop indentation has also been used by a

number of researchers to investigate mixed mode fracture (Petrovic and Mendiratta

1976; Marshall 1984; Petrovic 1985; Gopalakrishnan and Mecholsky 2013). In this

test the Knoop surface flaw is placed on the tensile surface at an angle α.

2.5 Double-Torsion Test

The double-torsion specimen was first proposed by Outwater et al. (Outwater and

Austin 1969; Outwater et al. 1974) for epoxy materials. It is a popular choice for

measuring the subcritical crack growth of ceramic and superhard materials,

e.g. alumina (Venikis et al. 1990; Ebrahimi et al. 2000), zirconia (Gremillard

et al. 2000), silicon carbide (Govila 1980) and polycrystalline diamond (Lin

et al. 1994). It has the advantage of simple and low-cost specimen geometry (Fuller

1979). The measurement of KIc is crack length independent; the crack extension is

L

2c

a

x

Depth of grinding

Fig. 5.10 Geometrical data

for a Knoop indentation

with halfpenny crack
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monitored in terms of changes in compliance. Moreover, the simplicity of the test

allows for scaling up of the test, meaning that it has also found use in the field of

concrete and rock mechanics research (Hillerborg 1983; Kim and Partl 2012;

Ciccotti et al. 2000, 2001).

A schematic of the double-torsion test is given in Fig. 5.11 (Freiman and

Mecholsky 2012; Shyam and Lara-Curzio 2006). The elastic strain energy as the

crack propagates, GI, is given by

GI ¼ 3P2S2m
2St4Gsφ

ð5:22Þ

where Gs is the shear modulus, P is the load and Sm, S and t are as defined in

Fig. 5.11. φ is a function determined by Fuller (1979) and is given by

φ ¼ 1� 0:6302
2t

S

� �
þ 1:20exp

�πS

2t

� �
ð5:23Þ

Finally assuming plane strain, the mode I critical stress-intensity factor can be

written as

KI ¼ PSm
3 1þ υð Þ
St4φ

	 
1=2
ð5:24Þ

P/2 P/2

P/2P/2

S

Sm

t

Fig. 5.11 Schematic of

double-torsion specimen
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2.6 Diametral Compression Test

The cracked Brazilian disc test or diametral compression test first found application

in the area of rock mechanics (Carniero and Barcellos 1953; Yarema and Krestin

1966) and has subsequently been applied to ceramics (Awaji and Sato 1978; Shetty

et al. 1985) and even polymers (Zhou et al. 2006). One of the principal advantages

of this test is that it can be used to find the fracture toughness for a range of mode

mixities.

The typical loading arrangement is given in Fig. 5.12. It consists of a cylindrical

specimen with radius, R, with a crack of length 2a passing through the central

diameter of the specimen. The angle of the precrack with reference to the loading

direction dictates the mode mixity. The methods of introducing a precrack are the

same as for the various flexural specimens although a chevron notch is usually

preferred. The fracture toughness is given by

KI, II ¼ YI, II

ffiffiffi
a

p P

πRb
ð5:25Þ

where KI and KII are the mode I and mode II stress-intensity factors, respectively,

and b is the thickness of the cylindrical specimen. A number of authors (Awaji and

Sato 1978; Atkinson et al. 1982; Xu 1995) have computed the stress-intensity

factors, YI and YII, for an extensive range of a/Rand crack inclination angles.

They demonstrate that pure mode II results can be obtained for a small crack

inclined at an angle of 30 to the loading direction. Pure mode I can be obtained at

a crack inclination angle of 0 as shown in Fig. 5.12.

LoadFig. 5.12 Geometry of

diametral compression test
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2.7 Single-Edge Notched Bend (SENB) and Single-Edge (V-)
Notched Bend (SE(V)NB) Tests

Due to the extreme hardness of PCD and PCBN, it is often difficult to introduce a

sharp precrack into a specimen without completely fracturing the specimen.

A number of researchers have proposed a single-edge V-notched bend with a

sharpened crack introduced via a honing procedure (Damani et al. 1996; Gogotsi

2000; Rocha and daCosta 2006; Carolan et al. 2011). This technique consists of

introducing a relatively blunt notch via a conventional machining process such as

milling or electro-discharge machining and subsequently sharpening and extending

the notch with a razor blade embedded in a paste of diamond grit to produce a much

finer notch with a very sharp root radius (Lammer 1988). An example of such a

honing apparatus is given in Fig. 5.13, while an example of a notch produced by this

honing procedure in a fine-grained polycrystalline cubic boron nitride is given in

Fig. 5.14.

Early works by Damani et al. (1996) and Nishida et al. (1994) have shown that

for a polycrystalline ceramic, a notch root radius of less than 10 μm can simulate a

sharp crack. Kübler (2002) empirically demonstrated that the measured fracture

toughness values in an SEVNB test are true fracture toughness values if the notch

root radius is less than twice the characteristic length of a major microstructural

feature. For values above this critical notch root radius, the measured fracture

Fig. 5.13 Diamond slurry

honing apparatus (image

courtesy Element Six Ltd.)
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toughness was observed to increase linearly with the square root of the notch root

radius, Rc. Mathematically this is expressed as

Kb ¼ KIc R � 2d ð5:26Þ
Kb ¼ KIc þ m Rc � 2dð Þ1=2 R > 2d ð5:27Þ

where Kb is the experimentally measured (or apparent) fracture toughness. KIc is the

true material fracture toughness, R is the radius of the notch tip and d is the

characteristic microstructural length suggested by Kübler. The slope m can be

interpreted as the sensitivity of the material to the overestimation of fracture

toughness with increasing notch bluntness.

The systematic overestimation of fracture toughness above the critical notch root

radius led researchers to explore the role of the length scale in fracture of blunt-

notched materials. The theory of critical distances is one such fracture theory. The

TCD is a modification of conventional LEFM, in which the mechanics at the

microstructural level are represented by the introduction of a material length

scale (Taylor 1996).

2.7.1 Theory of Critical Distances

Neuber (1958) and Peterson (1959) first formulated the fundamental ideas upon

which the theory of critical distances is based. They applied the theory to predict the

fatigue failure of metallic components. The theory is notable for having been

‘discovered’ numerous times since this early work. For example, Whitney and

Nuismer (1974) proposed an equivalent method to TCD to predict the effect of

circular holes on the failure strength of fibre-reinforced composite laminates.

Later Taylor and co-workers developed these relationships and successfully

applied them to a number of different materials (Taylor 1996, 1999, 2004, 2006;

Fig. 5.14 SEM micrograph of honed notch in polycrystalline cubic boron nitride showing the

original notch at the bottom of the figure (left). A close up of the honed notch tip can be seen on the

right. The notch root radius of the honed was 22.6 μm (Carolan et al. 2011)

152 D. Carolan and A. Ivankovic



Taylor et al. 2005). Taylor’s group coined the term ‘theory of critical distances’ as
an umbrella term for all the ‘stress at a distance’ approaches in the literature.

The theory of critical distances essentially states that failure occurs when some

critical stress is exceeded at some critical distance. For brittle superhard materials,

where failure usually occurs in a brittle manner, this critical stress can be assumed

to be equal to the ultimate tensile or flexural strength of the material. There are a

number of methods used for calculating the critical distance, including the point

method, line method, area method and volume method.

As discussed previously, we expect that our measure of fracture toughness will

be systematically overestimated due to the large notch root radius in an SENB test.

The effect of this notch on the measured fracture toughness can be quantified using

a critical distance approach. Returning to Inglis’ classical analysis of an elliptical

hole in a plate as shown in Fig. 5.15, we consider the local elastic stress, σyy, a small

distance, r, from the tip of the notch. As before, the radius of curvature is R¼ b2/2a.
The local stress can then be written as

σyy ¼ σa1=2
2Rþ 2r

Rþ 2rð Þ3=2
ð5:28Þ

where σ is the applied normal stress removed from the notch and r is the distance
ahead of the notch tip as shown in Fig. 5.15. For an infinitely sharp notch, R¼ 0 and
Eq. (5.28) reduces to

σyy 2πrð Þ1=2 ¼ σ að Þ1=2 ð5:29Þ

and the stress intensity at the crack tip is

KI ¼ σyy 2πrð Þ1=2 ¼ σ að Þ1=2, R ¼ 0 ð5:30Þ

σ

σ

2a

2b

y
r

x

σ y
y 

(M
P

a)

σc

rc r(m)

Fig. 5.15 Elliptical hole in a plate and typical stress distribution ahead of the notch
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The interpretation of the fracture criterion is that σyy ¼ σc and r¼ rc at fracture,
i.e. fracture will occur when the stress at a some characteristic distance ahead of the

crack tip exceeds the intrinsic strength of the material. The value of ¼ σc and r¼ rc
should be independent of the geometry of the system (Susmel and Taylor 2010). We

can then write the fracture criterion

KIc ¼ σc 2πrcð Þ1=2, R ¼ 0 ð5:31Þ

Now returning to the fracture of an SENB sample with a notch root radius, R>Rc,

and incorporating Eq. (5.28), we have

KIc ¼ σc 2πrcð Þ1=2 ¼ σ að Þ1=2 1þ R
rc

1þ R
2rc

� �3=2
ð5:32Þ

Equation gives the relationship between toughness, notch root radius and a char-

acteristic length of a material, where the characteristic length, rc, appears explicitly
with the geometric quantity R.

Now experimentally the fracture toughness of a blunt-notched sample, Kb, is

measured as

Kb ¼ σ að Þ1=2 ð5:33Þ

and the real fracture toughness can be expressed as the product of Kb and a function

containing both geometric, R, and material information, rc:

KIc ¼ Kb

1þ R
rc

1þ R
2rc

� �3=2
ð5:34Þ

Carolan et al. (2011) have proposed a method to estimate the critical fracture

toughness of superhard materials based on the measurement of blunt-notched

fracture toughness from a number of specimens with different notch root radii.

This is particularly useful in the case of PCBN and PCD materials where the time

and cost effort required to hone a sharpened notch are often prohibitive. For softer

ceramic materials, honing a sharpened notch is not so difficult, and the blunt-

notched procedure is overly complicated in this case and testing with a honed

notch is recommended.

Figure 5.16 depicts the relationship between the measured fracture toughness of

a number of three-point bend samples with varying notch root radii (Carolan

et al. 2011). It is clearly noted that the fracture toughness of fine-grained PcBN is

highly dependent on the notch root radius, while only a small effect of notch root

radius is noted for the coarser grained PcBN. In each case the plotted line is the

analytical solution from Eq. (5.34), and the critical distance, rc, is taken to be equal
to the given pre-sintered PcBN grain size.
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In light of these results, Carolan et al. (2011) proposed that the fracture tough-

ness of an ultrahard material could be measured directly from blunt-notched cracks

and prior knowledge of the underlying microstructure. Further works by this group,

detailed by Mc Namara et al. (2015), have subsequently suggested in a detailed

experimental study on leached and unleached PcD that the choice of grain size as
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Fig. 5.16 (a) Fracture toughness of PCBN as a function of the square root of the notch root radius

and (b) normalised fracture toughness of PCBN as a function of the square root of the notch root

radius (Carolan et al. 2011)

5 Fracture Toughness of Hard and Superhard Materials: Testing Methods . . . 155



the characteristic length is not always the correct choice. They attribute this to the

particle crushing, which occurs during the early stage of sintering for large grain

sizes, thus making a physical interpretation of rc difficult to identify. Figure 5.17

shows the variation in possible microstructural length scales for a PcD material with

a pre-sintered grain size of 30 μm (McNamara et al. 2015). Furthermore, they show

that when the second-phase cobalt material is chemically removed, the dependence

of the measured toughness, Kb, on the notch root radius is greatly reduced.

Therefore the blunt notch approach to determining fracture toughness should be

applied with care. While it offers a good estimate of fracture toughness for ultrahard

materials where the production of a sufficiently sharp crack or notch becomes

prohibitively difficult, it is not suggested as a substitute for a properly prepared

test specimen as discussed in this chapter. In any case, it is recommended that the

user evaluate the measured toughness at a number of different radii and calculate

the fracture toughness via a best-fit procedure either analytically or numerically

(Carolan et al. 2013).

Fig. 5.17 Scanning electron micrograph showing characteristic microstructural length scales for a

nominal pre-sintered grain size of 30 μm (McNamara et al. 2015)
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3 Strength of Superhard Materials

The strength of brittle superhard materials is generally measured in flexure

(Lu et al. 2004; Basu et al. 2009) using the three- or four-point bend tests. Strength

measurements arising from a series of such tests of nominally identical specimens

typically produce a considerable degree of scatter in the results (Weibull 1951).

This behaviour can be directly linked to the presence of inherent flaws in the

material. These flaws can vary in size position and orientation and can qualitatively

explain the observed variation in strength (Lawn 1998; Danzer 2006).

Clearly the large scatter in material strength data has implications for design

using superhard materials as the design safe strength is often much less than the

average measured strength. Engineers have typically resorted to characterising

these strength distributions via statistical means. The Gaussian (or normal), log-

normal and Weibull (Weibull 1951) distributions are three commonly used distri-

butions to characterise the scatter in strength data.

3.1 Gaussian Distribution

The Gaussian distribution is a two-parameter model, described by the mean

strength, σm, and the standard deviation of the measured strengths, σ, of the

measured data. It is normalised and described by the probability density function:

f σð Þ ¼ 1ffiffiffiffiffi
2π

p
μ
exp � σ � σmð Þ2

2σ2

" #
ð5:35Þ

It is a symmetrical distribution and is typically used when all the measured data lies

close to the mean.

3.2 Lognormal Distribution

The lognormal distribution is related to the normal distribution, and a variable can

be classified as lognormally distributed if the logarithm of the random variable is

normally distributed. Unsurprisingly, the probability density function is similar to

that of the normal distribution. It is characterised by two parameters, a shape

parameter, μ, and a scale parameter σm.

f σð Þ ¼ 1ffiffiffiffiffi
2π

p
μσm

e � log σð Þ�σmð Þ2
2σ2

� �
ð5:36Þ
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The mean m and variance v of a lognormal distribution can be directly calculated

from the shape and scale parameters as

m ¼ eμþσ2=2, v ¼ e2 � 1
� �

e2μþσ2

3.3 Weibull Distribution

TheWeibull distribution is based upon the weakest link hypothesis. This means that

failure of any flaw will lead to complete failure of the structure and that there is no

interaction between flaws prior to material failure. The Weibull distribution has

been traditionally employed to describe the strength distribution of brittle materials

(Weibull 1951; Trustrum and Jayatilaka 1983).

Consider a material divided into n equal volume elements δVi under a uniform

stress σ. Pf(σ,δVi) is defined as the probability of failure of the element i. Since the
stress is the same for all volume elements and the specimen is assumed to be

homogeneous, all Pf(σ, δVi) can be taken to be the same, i.e. the probability of

failure of any volume element is identical, so we can write Pf(σ). The probability of
survival is then 1-Pf(σ, δVi). The specimen will survive only if all of the volume

elements survive. The total probability of survival, 1-Pf(σ, δVi), of a specimen of

volume V¼ nδV under uniform stress is

1� Pf σ;Vð Þ ¼ 1� Pf σð Þ� �n ¼ 1� V

n

Pf σð Þ
δV

	 
n
¼ 1� Vφ σð Þ

n

	 
n
ð5:37Þ

Note that it is assumed that as δV decreases, Pf(σ)/δV approaches the limit φ(σ). In
the limit as n becomes large, Eq. (5.37) becomes

1� Pf σ;Vð Þ ¼ e �Vφ σð Þð Þ ð5:38Þ

Weibull assumed the following form for φ(σ):

φ σð Þ ¼ σ � σu
σ0

� �m

ð5:39Þ

where σu defines a failure below which failure will never occur. For ceramics and

hard materials, this is taken to be zero (Lu et al. 2002). Finally for a two-parameter

Weibull distribution, the cumulative probability of survival of a material subjected

to a uniform stress is given by

P σð Þ ¼ 1� exp �V
σ

σ0

	 
m� �
ð5:40Þ
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where σ0 is the Weibull characteristic strength and m is the Weibull modulus. The

Weibull modulus characterises the level of scatter in the strength data. A low

Weibull modulus indicates a wide scatter in the strength data. A ceramic or

superhard material would typically have a Weibull modulus between 5 and

20 (Braiden 1975; McNamara et al. 2014), while that of a metal is usually 100 or

greater (Askeland et al. 2010).

The corresponding probability density function can then be written as

p σð Þ ¼ m

σ0

σ

σ0

� �m�1

exp � σ

σ0

	 
m� �
ð5:41Þ

The three-parameter form was also proposed by Weibull in which sis replaced by

σ-σu and σ0 represents some stress below which fracture will never occur. However

the simpler two-parameter distribution has been adequate to fit the observed

strength distribution of ceramic materials (Lu et al. 2002).

The fundamental assumption of the Weibull distribution is that of the weakest

link, i.e. specimen failure is linked to failure of the weakest element in the specimen

and there is no interaction between critical flaws. Some evidence has been

presented recently to suggest that the Weibull distribution may not be the most

appropriate choice of statistical tools to describe the experimentally measured

strength data for brittle materials. Lu et al. (2002a, 2004) compared the strength

data for three different ceramics and analysed them using the Weibull and normal

distributions. They found that for ZnO, the strength data was best characterised by

the normal rather than the Weibull distribution. McNamara et al. (2014) have

compared the measured strength data for both polycrystalline diamond and poly-

crystalline cubic boron nitride against a Weibull, normal and lognormal distribu-

tion. Moreover, they investigated the effect of specimen size. They found that the

fracture strength of polycrystalline cubic boron nitride was best described by a

Weibull distribution, while that of polycrystalline diamond was best described by a

lognormal distribution. A significant effect of specimen size was noted for poly-

crystalline cubic boron nitride, and the Weibull statistical model captured this

effect.

3.3.1 Determining the Weibull Parameters

The Weibull parameters can be determined using a least-squares fitting of a

linearized form of the distribution. The basic procedure is now discussed. Taking

natural logarithms twice of n gives

ln ln
1

Ps

� �� �
¼ ln Vð Þ þ mln σð Þ � mln σ0ð Þ ð5:42Þ
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The Weibull parameters can be determined by fitting a straight line to ln(ln(1/Ps))

as a function of lnσ. It is common when measuring samples with the same volume

to take the unit volume and so lnV¼ 0. Obviously if different volumes of materials

are being tested, then this term cannot be so easily discounted. The Weibull

modulus m is the slope of this plot, while σ0 can be calculated by noting the

intercept on the ln(ln(1/Ps)) axis at lnσ¼ 0. σ0 is then calculated by

σ0 ¼ e�intercept
� �m�1

ð5:43Þ

The calculation of ln σ is trivial but there is some choice as to the calculation of Ps

(Davidge 1979). Typically the measured strength values are placed in ascending

order and assigned a rank from 1 to n. The survival probability for the ith strength
value is then

Psi ¼ 1� i� 0:5

n
ð5:44Þ

A typical plot for determining these parameters is given in Fig. 5.18 (McNamara

et al. 2015) for two grades of polycrystalline diamond material (denoted PCD30A
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Fig. 5.18 Weibull plot of strength data for two grades of polycrystalline diamond denoted

PCD30A and PCD 30B (McNamara et al. 2015)
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and PCD 30B). The slope of the empirical data determines the Weibull modulus, m,

while the intersection of the x-axis with the empirical line fit is the natural logarithm

of the characteristic strength, σ0. These samples both have a nominal diamond grain

size of 30 μm, differing only in the percentage cobalt in the interstitial regions of the

compact. PCD30A has the largest percentage cobalt and also has lower scatter in

terms of strength data as indicated by the higher Weibull modulus, m¼ 13.35, with

respect to PCD30B, m¼ 8.26. PCD30A also has a slightly higher characteristic

strength, σ0¼ 1075 MPa versus σ0¼ 1034 MPa for PCD30B.

4 Conclusions

Despite the seemingly simple almost perfectly linear elastic behaviour of many

hard and superhard materials, the fracture mechanisms of these systems are

extremely complex and the correct determination of fracture toughness is by no

means a trivial task. As a result there remains some disagreement in the community

as to a consensus test method. This chapter has reviewed the most popular methods

in the literature, with particular emphasis on those methods applicable to superhard

materials such as PcBN and PcD.

It is noted that the calculation of a fracture toughness value is dependent on the

experimental method used to obtain the data. These differences can be can be

attributed to the different crack lengths employed, e.g. those arising from a macro-

scale notch versus those arising from a flaw induced via indentation and also

R-curve effects.

While research on this topic continues, it is vital that the user be aware of the

limitations and advantages of each method. In particular, the commonly used

indentation fracture method does not give correct fracture toughness values and

should be avoided.

Specimens containing a machined notch can be used only if it can be ensured

that the tip radius of the notch is sufficiently acute so that the true fracture toughness

is measured. Failing the resources to produce such a small notch, an estimate of the

fracture toughness can be made from testing a number of blunt notches given

information about the underlying microstructure.

The chevron-notched beam is perhaps the most versatile of all the methods

examined. However, preparation of the samples can be tricky, especially when the

supply of material is limited.
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Chapter 6

Superhard and Ultrahard Nanostructured
Materials and Coatings

Prof. Dr. Prof. h.c. Dr. h.c. Stan Veprek

and Dr. Maritza G.J. Veprek-Heijman

Abstract The recent search for new super- and ultrahard materials is briefly

summarized. It is shown that many materials with high elastic moduli cannot be

superhard because, upon finite shear, electronic instabilities and transformations to

softer phases occur, particularly in materials which contain metals with d-electrons

or non-binding electron pairs. Hardness enhancement can be achieved in nano-

structured materials, but it is limited by grain-boundary shear when the crystallite

size decreases to 10–15 nm called the “strongest size.” When however, low-energy

grain boundaries, such as stacking faults and twins, or one-monolayer thin sharp

grain boundaries of silicon nitride strengthened by valence charge transfer are

introduced, the grain-boundary shear can be reduced and the “strongest size”

shifted to a few nanometers. This results in a significantly increased hardness

enhancement. In such a way, extrinsically ultrahard materials, such as nanotwinned

nt-c-BN and nt-diamond, and nanocomposites consisting of 3–4 nm small transition

metal nitride with about one monolayer silicon nitride interfacial layer with hard-

ness exceeding 100 GPa have been prepared. We discuss the conditions which have

to be met for such nanocomposites to be super- and ultrahard and show that not all

such systems can be superhard. Impurities, mainly oxygen content of more than a

few hundred ppm, are critical limitation for achieving the high hardness. The super-

hard nanocomposites, such as nc-(Ti1�xAlx)N/Si3N4 and nc-(Cr1�xAlx)N/Si3N4,

find important applications as wear-protection coatings on tools for machining,

stamping, injection molding, and the like.
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1 Introduction

Many efforts have been conducted recently to design new superhard (hardness

H� 40 GPa, c-BN� 48 GPa) and ultrahard (H� 80 GPa) comparable to diamond

(80–100 GPa) materials. The majority of the papers focused on materials with large

elastic moduli (“ultra-incompressibility”) which are believed to be “intrinsically”

superhard. However, large elastic moduli do not guarantee high hardness, because

the moduli describe only the resistance of a material against elastic (reversible)

infinitesimal distortion near the equilibrium positions, whereas plastic deformation

occurs by shear at large strain at the atomic level. The apparent correlation of the

hardness of some material with the shear modulus,G, which however displays large
scatter [see Fig. 1 in (Teter 1998)], is due to the fact that the plastic flow, which

occurs mainly by multiplication and movement of dislocations, is impeded by a

variety of mechanisms (grain boundaries, precipitates, dispersed particles, and the

like) that are dependent on G.
One has to keep in mind that the indentation hardness is the average pressure

beneath the indenter under conditions of fully developed plasticity, where no single

crystal exists anymore, and thus the material is full of flaws (Argon 2008). There-

fore the recent theories of “hardness of an ideal crystal” (e.g., Gao et al. 2003;

Simunek and Vackar 2006; Simunek 2009) calculate by first principles only the

elastic stiffness of the crystals but not their plastic hardness under the condition of

fully developed plasticity.

Sufficiently high elastic moduli are of course needed but not sufficient for

achieving high hardness, because upon finite shear that occurs at atomic level

upon plastic deformation, many materials undergo electronics instabilities and

structural transformations into softer phases. For example, C3N4, which has elastic

moduli, calculated by first principles, higher than c-BN and close to those of

diamond (Cohen 1994; Liu and Cohen 1989; Zhang Y et al. 2006), has hardness

less than 30 GPa (Veprek et al. 1995) because upon a shear of 0.24 in the (111)

(Argon 2008) slip system, the non-binding electron pairs on nitrogen interact with

atomic orbitals of carbon forming double bonds, and the system transforms into a

softer, graphite-like phase (Zhang Y et al. 2006).

Rhenium diboride, ReB2, like other diborides of 5d metals, has also large elastic

moduli but hardness less than 30 GPa (see Chap. 4) because upon shear within the

(0001) (Christiansen et al. 1998) slip system, it undergoes a number of electronic

instabilities and transformation to instable and metastable phases with lower shear

resistance [see Fig. 1 in (Zhang et al. 2010a)]. The formation of a variety of softer

phases beneath the indenter is probably also the reason for the slow approach of the

measured hardness to the load-invariant value which requires large load of more

than 6 newtons (N) [see Fig. 2a in (Chung et al. 2007)]. The valence orbitals of

osmium and iridium atoms differ only by one electron in the 5d shell (Os, 4f145d66s2;

Ir, 4f145d76s2), yet their diborides OsB2 and IrB2 display very different plastic

deformation paths and hardness (OsB2, 30 GPa; IrB2, 18 GPa) because of different

crystal field splitting instabilities (Zhang et al. 2014). Diamond transforms to graphite
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upon shear of> 0.3 in the (111) (Argon 2008) slip system as shown by first-principle

calculations (e.g., Veprek et al. 2010) and as experimentally observed by Raman

scattering of the indented area (Gogotsi et al. 1999). However, because of the

relatively simple electronic structure of carbon, this transformation requires a very

high shear stress. Therefore, diamond is intrinsically ultrahard. The electronic insta-

bilities of the 5d orbitals due to the crystal field splitting and instabilities due to

non-binding electron pairs upon finite shear are probably general phenomena limiting

the hardness of many materials with high elastic moduli.

Boron suboxide, B6O, has high hardness of 40–45 GPa in spite of its lower

elastic moduli as compared with OsB2 and ReB2 because it has an electronically

stable three-dimensional network of covalent bonds (Zhang et al. 2011). These few

examples should be sufficient to illustrate that the search for new intrinsically

superhard materials should not focus only on materials with high elastic moduli.

Instead, much deeper insight into the electronic structure and its stabilities upon

finite shear and into the deformation paths are needed (Veprek 2013).

Interesting is the case of heavily boron-doped diamond BC5 for which load-

invariant Vickers hardness of 71 GPa, higher than that of c-BN, has been reported

(Solozhenko et al. 2009), although the ideal shear strength of BC5, calculated by

means of density functional theory, DFT, was significantly lower than that of c-BN

(Zhang et al. 2009). The answer to this puzzle was identified in the small crystallite

size of the material of 10–15 nm (Solozhenko et al. 2009) that is in the range of the

so-called strongest size (Argon and Yip 2006). Also the high Vickers hardness of

c-BC2N of about 76 GPa (Solozhenko et al. 2001) has been explained by the small

size of the nanocrystals (Zhang Y et al. 2004).

With decreasing crystallite size, the strength and hardness of a material increase

because the grain boundaries impede the plastic deformation, by the well-known

Hall-Petch mechanism for dislocations and by twinning, slip, and other mecha-

nisms of plasticity (Argon 2008). The thickness of the large-angle grain boundaries

extends usually over a distance of about 3–4 interatomic bonds. Therefore, below a

crystallite size, d, of 10–15 nm, the fraction of the atoms in the grain boundaries

strongly increases as 1/d. The grain boundaries are weaker than the crystals because
of density deficit and disorder therein. Therefore, with crystallite size decreasing

below about 10 nm, the strengthening is replaced by the grain-boundary shear (also

called “sliding” of “inverse Hall-Petch”) below the “strongest size,” and the

material softens (Fig. 6.1). This transition from strengthening to softening has

been found in many nanosized materials, such as metals (e.g., Argon and Yip

2006; Schiøtz et al. 1998; Schiøtz and Jacobsen 2003; Siegel and Fougere 1995)

and ceramics (Skrovanek and Bradt 1979). The crystallite size where the strength-

ening changes to softening has been called by Yip “the strongest size” (Yip 1998).

This strengthening with crystallite size decreasing to about 10–15 nm is found in

almost any system when, for example, some elements or impurities are added

leading to decomposition of a solid solution into two or more phases and concom-

itant grain refinement. However, the amount of such strengthening is limited by the

grain-boundary shear as shown in Fig. 6.1. The “strongest size” can be slightly

shifted to a smaller crystallite size, and the strength and hardness increased when

6 Superhard and Ultrahard Nanostructured Materials and Coatings 169



the grain boundaries are made dense by thermal treatment. However there is a

principal limitation to such treatment because the majority of nanosized materials

coarsen upon annealing.

The question arises as if this “strongest size” could be shifted to a lower

crystallite size by the formation of “strengthened” interfaces so that the “grain-

boundary strengthening” would work even at a lower grain size of few nm. This has

been the basic idea in the “concept for the design of novel superhard coatings”

(Veprek and Reiprich 1995): to choose a quasi-binary or ternary system that will

strongly segregate into two or more phases of which the one should form

nanocrystals smaller than 10 nm, whereas the other one should form a very thin

and sharp interfacial layer. We shall show that this is indeed possible in systems,

such as Ti-Si-N, where the solid solution decompose spinodally with large

de-mixing energy (Veprek and Veprek-Heijman 2012; Zhang and Veprek 2006).

In recent years, this idea has been extended to low-energy interfaces, such as

stacking faults (Jian et al. 2013) and twins (Huang et al. 2014; Tian et al. 2013;

Xu and Tian 2015). The twins are of a particular interest because there is some

evidence that in nanocrystals the dislocation activity upon plastic deformation is

replaced by twinning (Zhu et al. 2009).

Of course one will ask what is the smallest crystallite size that can be prepared,

and what maximum strength and hardness can be achieved. There is probably no

universal answer to it, but some indications can be found in our earlier work on

nanocrystalline silicon (nc-Si). It has been shown that there is a lower limit to the

crystallite size of about 3 nm, because the tensile strain energy, originating from the

Fig. 6.1 Increase of the strength and hardness due to grain-boundary strengthening with decreas-

ing crystallite size and its weakening due to grain-boundary shear below about 10–20 nm (From

Veprek and Veprek-Heijman (2012) with permission)
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grain boundaries, thermodynamically destabilizes the nc-Si. Therefore amorphous

silicon (a-Si) is preferred below that crystallite size because there are no grain

boundaries in a-Si (Veprek et al. 1982). Because a similar strain was found in the

superhard nc-TiN/Si3N4 nanocomposites, a similar effect may explain why the

strongest nanocomposites have the size of TiN nanocrystals about 3 nm. We shall

discuss this point in Sect. 2.5.

2 Concepts for the Design of New Nanostructured
Superhard Materials

2.1 Heterostructures and Nanolaminates

Koehler was the first scientist who suggested to design new strong materials on the

basis of nanolayered heterostructures (Koehler 1970). The idea was to form alter-

nating layers of different materials with sufficiently different shear moduli but

similar lattice constant to form coherent interfaces. The thickness of the individual

layers should be small to make sure that the dislocation multiplication source

cannot operate. Under stress, a dislocation present in the softer layer with a small

shear modulus G1 would move toward the interface with the stronger material

where the elastic mirror force would be hindering it to pass. In such a way, the

dislocation activity should be impeded by the coherent or semi-coherent interfaces.

In a note added in proof, Koehler stated “The ideas described in this note are also

valid if one of the materials is amorphous.” Indeed, it has been found later on that

the Koehler mechanism of strengthening operates also in polycrystalline

nanolaminates and when one of the materials forms amorphous layers (e.g., Hilz

and Holleck 1996; Holleck and Schier 1995; Sproul 1994, 1996; Yashar et al. 1999;

Yashar and Sproul 1999).

Lehoczky was the first researcher who verified the idea of Koehler experimen-

tally by depositing heterostructures of soft metals (e.g., Al-Cu) and conducting

tensile tests. He has shown that, when the thickness of the layers decreased to a few

10 nm, the tensile yield strength of the laminates strongly increased. Although these

metallic nanolaminates were not superhard, it is worth mentioning this pioneering

work, because this was the first and to the best of our knowledge the only

experimental proof of the concept of Koehler in tensile test (Lehoczky 1978a, b).

In all following work, only the hardness has been measured.

Superhard heterostructures with hardness exceeding 40 GPa have been prepared

when the concept of Koehler has been applied to hard transition metal nitrides. We

cannot review here all the papers which have been published on the heterostructures

and nanolaminates. Therefore we quote only the first papers from the University of

Link€oping (Sweden) and Northwestern University (USA) whose scientists

pioneered this field (e.g., Helmersson et al. 1987; Mirkarimi et al. 1990, 1994;

Hubbard et al. 1992; Shin et al. 1992) and refer to several review articles (Barnett

1993; Yashar and Sproul 1999; Barnett and Madan 1998) for further details.
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In Fig. 6.2, we summarize several examples collected from these papers.

Heterostructures with pairs of nitrides having different elastic moduli but similar

lattice constant (single-crystalline TiN/VN and TiN/V0.6Nb0.4N, polycrystalline

TiN/NbN) show pronounced hardness enhancement, whereas heterostructures

which have only small difference in elastic moduli (NbN/VN, V0.6Nb0.4N) show

no observable hardness enhancement. The decrease of the hardness at smaller

multilayer period is due to roughness of the interface (Chu and Barnett 1995).

Here we see the importance of sharp interface; we shall come to this point later in

Sects. 2.4 and 2.5.

These heterostructures have been deposited by magnetron sputtering from two

targets, and the composition has been changed by opening and closing shutters

between the targets and the substrate (Barnett 1993). This provided fairly sudden

changes from one composition to the other with interfaces whose sharpness has

been limited only by ion-impact or thermally induced mixing.

The requirement for a sharp interface might appear a problem when the

heterostructures and nanolaminate coatings should be used as wear protection on

tools for machining. This is due to the fact that in the industrial coating system, the

deposition of the individual layers from different targets occurs continuously, while

the tools being coated are fixed on a rotating turntable. Nevertheless, Münz

et al. were able to demonstrate that tools such as drills, mills, forming tools, and

knives coated with nanolaminates deposited in an industrial coating equipment with

large planar targets showed significantly improved cutting performance (Münz

et al. 2001).
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Fig. 6.2 Examples of hardness enhancement in heterostructures with different shear moduli of the

pairs (TiN/VN, TiN/NbN, TiN/V0.6Nb0.4N) and with no significant difference in the moduli

(NbN/VN, V0.6Nb0.4N)
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Since this early development, the hard and superhard heterostructure and

nanolaminate coatings are finding many applications, as illustrated, for example,

in Fig. 6.3. The nc-(Ti1�xAlx)N/Si3N4 nanocomposite coatings (see Sect. 2.5) are

deposited from two cylindrical vacuum arc cathodes consisting of titanium and

Fig. 6.3 (a) Hardness of the nc-(Ti1�xAlx)N/Si3N4 nanolayered nanocomposite coatings as the

function of the period of the compositional modulation, (b) transmission electron micrograph

showing the compositional modulation (From Veprek and Veprek-Heijman (2008) with

permission)
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Al-Si alloy, which are placed in the center of the industrial coating chamber (for

more detail, see www.shm-cz.cz). When the tools being coated are rotating around

these cathodes, their composition is modulated being more Ti-rich on the side close

to the Ti cathode and more Alþ Si-rich on the opposite side. Although in this case

no “heterostructures” but only coatings with modulated compositions were depos-

ited, the effect of the hardness enhancement is clearly seen. Moreover, because the

modulation of the composition results also in modulation of the elastic moduli, it

results in enhancement of the fraction toughness. Coatings with modulated elastic

moduli are much more resistant to crack propagation than bulk materials (Matthews

et al. 2001).

2.2 Hardness Enhancement Due to Refinement
of the Grain Size

As discussed in Sect. 1, the enhancement of strength and hardness due to the

refinement of the grain size occurs in almost any system, but the hardness enhance-

ment is limited to that corresponding to the “strongest size” of about 10–15 nm.

This refinement can be obtained by a variety of means. For example, Barna

et al. reported strong refinement of Al films when the aluminum has been deposited

by evaporation in poor vacuum so that the films were contaminated by oxygen

(Barna and Adamik 1998; Petrov et al. 2003). Depending on the Al:O flux ratio

during the deposition, thin or thick Al2O3 layer is formed around the Al grains

whose size decreased with increasing amount of oxygen down to a few tens of

nanometers. Of course this is not a method for the preparation of superhard

nanocomposites. This example should only illustrate that grain size refinement

occurs in many cases when two immiscible materials form during the deposition.

Many papers have been published during the last 20 years about the preparation

of nc-TmN/SiNx (Tm¼Ti, W, V, and many other transition metals) and other

nanocomposites where a hardness enhancement has been found. Although, in many

cases, these papers provide broad characterization, a systematic study of the

hardness enhancement as function of the grain size is missing. However, the present

authors found that, whenever enough data is available to extract the information

from the papers, the maximum hardness enhancement correlates with the grain size

of about 10–15 nm, i.e., with the “strongest size.” For example, in the AlN/SiNx

nanocomposites, the maximum hardness of about 30 GPa [see Fig. 5 in Pélisson

et al. (2007)] is achieved at Si content of about 7–13 at.% that corresponds to “AlN”

grain size between of about 20 and 5 nm [see Fig. 3 in Pélisson et al. (2007)]. Such

nanocomposites are not superhard as those with one monolayer Si3N4 interfacial

layer which is strengthened by valence charge transfer, to be discussed in Sect. 2.5.

Unfortunately, this important difference is neglected in many papers.

Also in the “high-entropy alloys” (Tsai and Yeh 2014), hardness enhancement is

often found which might be related to the grain refinement (e.g., Hsieh et al. 2013;
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Huang and Yeh 2009). As pointed out recently, high configuration (“mixing”)

entropy provides a way to rationalize why a homogeneous solid solution forms

(if it forms) in these systems, but it is not a useful a priori predictor if the so-called

high-entropy alloy will form thermodynamically stable single-phase solid solutions

(Otto et al. 2013). In many cases, positive (destabilizing) mixing enthalpy domi-

nates over the mixing entropy, and the system segregates forming a nanosized

composite material. Therefore, much more detailed studies are needed to make sure

which effects dominate in a given system.

As mentioned, hardness enhancement by refinement of the grain size is limited

to about 30–35 GPa in all the cases where the necessary information is available.

Therefore, superhard materials can be formed by the simple grain refinement only

when the terminal phases are already very hard, as in the case of nanocrystalline

c-BN and c- and wurtzite w-BN nanocomposites reported by Dubrovinskaia

et al. (Dubrovinskaia et al. 2007). These researchers prepared the c- and w-BN

nanocomposites by high-temperature, high-pressure (HTHP) synthesis and reported

high hardness of about 85 GPa, close to the hardness of diamond as shown in

Fig. 6.4. One notices that the large increase of the load-invariant hardness of the

nanocomposite occurs at crystallite site 13–15 nm, the “strongest size.” Single-

phase c-BN shows also an enhancement of hardness at a crystallite size of about

40 nm. Using monomodal pyrolytic graphite with an ideal turbostratic structure,

Solozhenko et al. (2012) succeeded to suppress the formation of w-BN and prepare

single-phase nanocrystalline c-BN with load-invariant hardness of 85 GPa at

crystallite size of 20 nm [see Fig. 3b in (Solozhenko et al. 2012)]. These materials
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in nanocomposites consisting of cubic and wurtzite BN (From Dubrovinskaia et al. (2007) with

permission)
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have been prepared by means of HTHP synthesis that is suitable for the preparation

of single crystals and polycrystals, but not coatings on, e.g., tools for machining,

which is one of the important areas of applications of superhard materials.

Worth mentioning is the ultra-nanocrystalline diamond deposited by plasma-

induced chemical vapor deposition (P-CVD) from hydrocarbons strongly diluted by

hydrogen (Erdemir et al. 2005; Gruen 1999). This material consists of 3–4 nm size

diamond nanocrystals connected by C¼C double bonds. Because the deposited

films were only few μm thick, reliable data about their load-invariant hardness are

not available. Nevertheless the hardness of 1 μm thick coatings has been 100 GPa

(see Fig. 4 in Veprek 1999). Besides high hardness, this material has also high

corrosion resistance in acidic and basic environment and is biocompatible. There-

fore it finds many applications not only as hard coatings on tools from machining of

nonferrous materials but also in medicine as protection coatings on implants and the

like (Auciello 2010; Auciello and Shi 2010).

2.3 Hardness Enhancement by Ion Bombardment During
Thin-Film Deposition

When thin films of ceramic materials are deposited under energetic ion bombard-

ment during the deposition at relatively low homologous temperature of less than

about 30% of the melting point, many defects due to displacement damage,

formation of vacancies, implantation of interstitial, increase of biaxial compressive

stress, and the like are formed. These complex synergistic effects result in an

increase of the hardness. For example, Musil et al. (1988) reported hardness of

TiN deposited by magnetron sputtering at relatively low temperature of more than

70 GPa (hardness of bulk TiN is about 21 GPa) and that of (TiAlV)N of more than

90 GPa. In another paper, hardness of 47 GPa has been reported for (Ti1�xAlx)N

coatings deposited with the same techniques (Musil and Hruby 2000). These

researchers reported also a number of superhard nanocomposites consisting of

hard transition nitride and soft, ductile metal that does not form stable nitrides

[for a summary, see (Musil 2000)].

There are also papers of other groups reporting enhanced hardness in ceramic

coatings deposited under energetic ion bombardment at relatively low homologous

temperature which we shall not discuss here because such coatings suffer from two

problems: (a) the high biaxial compressive stress that develops as a result of the ion

bombardment causing delamination of the coatings from the substrate and (b) the

fact that the hardness enhancement is lost when such coatings are annealed to

450–550 �C as illustrated in Fig. 6.5. In that figure, ZrN/Cu, ZrN/Ni, and Cr2N/Ni

are the nanocomposites deposited in the laboratory of Musil and annealed in pure

nitrogen in the institute of S.V. (Karvankova et al. 2001). As one can see, upon

annealing, the hardness decreases to the usual values of the hardness of the nitrides.
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Also the HfB2 coatings deposited by Herr and Broszeit (Herr and Broszeit 1997)

lose the hardness enhancement upon annealing.

In contrast, the hardness of the nc-TiN/Si3N4 and nc-(Ti1�xAlx)N/Si3N4

nanocomposites formed by spinodal decomposition and deposited without ener-

getic ion bombardment remains stable up to 1100–1200 �C, i.e., of about 65–70%
of the decomposition temperature of Si3N4. [For the thermal stability of

nc-(Ti1�xAlx)N/Si3N4 nanocomposites up to 1200 �C, see Fig. 2 in Veprek

et al. 2004b.] In conventional nanosized or nanostructured materials, the recrystal-

lization and coarsening (Ostwald ripening) occur upon annealing to a homologous

temperature of about Th¼ T/TDecomp.� 0.4. In contrast, the nanocomposites formed

by spinodal decomposition with strengthened interfacial Si4N4 layer, to be

discussed in Sect. 2.5, coarsen only above 1100–1200 �C, and then the hardness,

measured after the annealing at room temperature, decreases. This result illustrates

the remarkable stabilization of nanostructured material against coarsening. We

shall discuss the latter nanocomposites in Sect. 2.5.

These examples show that hardness enhancement by energetic ion bombardment

during deposition at relatively low temperature can be achieved in many (probably

all) hard ceramic materials. However, the large compressive stress in the coatings

and loss of the hardness enhancement upon annealing to relatively modest temper-

atures are severe obstacles for their application.
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et al. 2000) (From Veprek et al. (2005a) with permission)
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2.4 Hardness Enhancement by Low-Energy Interfaces

Stacking faults and twins are low-energy, coherent grain boundaries (Gottstein

2004), whose “destabilizing” energy is less than about 10% of the energy of

common large-angle grain boundaries. Because the low-energy grain boundaries

are only one monolayer thin (see Fig. 6.6), whereas the large-angle grain bound-

aries are 3–4 crystal planes thick, the fraction of the atoms within the low-energy

grain boundaries is—for a given grain size—much smaller. Thus, one expects that

the “strongest size” should be shifted to smaller crystallite size as compared to the

case of common large-angle grain boundaries. With reference to Fig. 6.1, one

logically expects that the strengthening due to smaller crystallite size should

continue to increase following the “Hall-Petch” curve with crystallite size decreas-

ing down to a few nm small nanocrystals, because the weakening due to grain-

boundary shear will be much less (Huang et al. 2014; Tian et al. 2013; Xu and Tian

2015). Therefore, one expects large strengthening and hardening in nanosized

materials with low-energy grain boundaries. Indeed, Mg alloys with a large density

of stacking faults achieved the highest strength ever reported in these materials

(Jian et al. 2013). The high density of the stacking faults has been achieved by

severe plastic deformation of Mg alloy sheets upon a repeated rolling. Although

these strong Mg alloys are not superhard, we mention them here to underline the

general nature of this strengthening mechanism.

The recently synthesized nanotwinned c-BN (Tian et al. 2013) and diamond

(Huang et al. 2014; Xu and Tian 2015) provide an important support to this

Fig. 6.6 Example of a twin and twinning boundary in an fcc lattice (Reproduced from Gottstein

(2004) with permission)
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hypothesis. In the nt-c-BN, the average distance between the twins was about

3.8 nm, and the hardness reached load-invariant value of 108 GPa at a load

of� 1.5 N. The material has been prepared by HTHP treatment of a special

turbostratic onion-like BN nanoparticle precursor material. The usual HTHP syn-

thesis of c-BN from the hexagonal “graphite-like” boron nitride yields nanocrys-

talline material with grain size� 10 nm (Sumiya et al. 2000; Dub and Petrusha

2006; Dubrovinskaia et al. 2007; Solozhenko et al. 2012). These nanograins c-BN

and c- and w-BN nanocomposites reach hardness of “only”� 85 GPa because they

have large-angle grain boundaries.

Figure 6.7 shows the Vickers hardness of nt-c-BN vs. the applied load and a

scanning electron micrograph (SEM) image of an indent at a large load of 19.6 N.

Obviously, the load-invariant hardness is reached already at a relatively low load of

1–1.5 N, whereas for bulk c-BN, the hardness continues to decrease even at a load

of 5 N (see inset on the upper right-hand side of Fig. 6.7). The nanotwinned c-BN

has also high toughness of� 12 MPa ·m0.5 which is much higher than that of bulk

c-BN of about 2.8 MPa ·m0.5 and higher oxidation resistance than c-BN. We refer

to the paper of Tian et al. for further details.

The ultrahard nanotwinned diamond has been prepared from onion-like carbon

by HTHP synthesis in a similar way as the nt-c-BN (Huang et al. 2014). Figure 6.8a

shows the distribution of the twin thickness measured by high-resolution transmis-

sion electron microscopy (HRTEM), and Fig. 6.8b shows the hardness vs. the

applied load. The average thickness of the twins of 5 nm is close to that of nt-c-

BN, but the load-invariant hardness of about 200 GPa is much higher than that of nt-

c-BN and of natural diamond.

Fig. 6.7 Vickers hardness of nanotwinned c-BN vs. applied load and SE micrograph of an indent

at a large load of 19.6 N. The inset on the right shows the hardness of bulk c-BN vs. applied load

(From Tian et al. (2013) with permission)
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A critical reader will ask how it is possible to measure such a high hardness using

diamond indenter with a lower hardness of 70–100 GPa. This is indeed possible

because the indenter is loaded mainly in compression, whereas the material being

indented is loaded in shear, as shown by the slip-line field theory (Hill 1950) and

Fig. 6.8 (a) Distribution of the thickness of the nanotwins measured by HRTEM yielding an

average value of about 5 nm, (b) Vickers hardness of nt-diamond (red), (110) (blue), and (111)

face of natural diamond vs. applied load (From Huang et al. (2014) with permission)
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illustrated in Fig. 13.8 in McClintock and Argon (1966) to which we refer for

further details. Figure 29 in Veprek (2013) shows that the materials flow in the

diamond indenter under the load and within the contact with the material being

indented occurs directed into the indenter, as expected under a pressure loading.

Diamond, like other materials with cubic structure, sustains up to eight times larger

load in compression than in shear (Eremets et al. 2005; Field 1992). We emphasize

this point here, because the work of Tian and Huang has been criticized in a harsh

manner using incompetent arguments that “one cannot measure hardness higher

than diamond using diamond indenter” (Saxonian 2015).

We believe that these three examples strongly support the concept for the design

of extrinsically superhard, nanostructured material with low-energy grain bound-

aries. As shown by the example of the Mg alloy, this concept is not limited to

superhard materials only, but it applies generally for the design of strong and tough

materials. The disadvantage of the HTHP synthesis is so far the small size of the

samples which can be prepared. The Mg alloys with the nanosized stacking faults

have been prepared by severe plastic deformation using repeated rolling, which is a

technique applied on industrial scale to produce large metal sheets. Nevertheless,

there is some hope that the HTHP techniques for the synthesis of nt-c-BN and

nt-diamond can be further developed and scaled for industrial production.

2.5 Superhard Nanocomposites with Strengthened
Interfacial Layer

In this section, we shall discuss the superhard nanocomposites consisting of

nanocrystals of certain transition metal nitrides embedded in a thin interfacial

layer of silicon nitride. These materials can reach a very high hardness of more

than 100 GPa when correctly prepared and sufficiently free of impurities, mainly

oxygen. They are produced by plasma chemical or physical vapor deposition

(P-CVD or PVD) as thin films and can be applied as wear-protection coatings on

tools for machining, forming, stamping, injection molding, and the like. The Czech

company SHM has pioneered the industrialization of these coatings since 1996

when tools for machining coated with the nc-(Ti1�xAlx)N/Si3N4 nanocomposites

were offered on the market for the first time. We shall discuss the generic concept

for their design, the properties of the nanocomposites, and their limitations as

regards the choice of the system and purity. It will be shown that not all systems

meet the conditions needed to reach superhardness, and those which do meet them

can reach high hardness only when carefully prepared and free of impurities. We

shall start with the nc-TiN/Si3N4 nanocomposites because majority of the informa-

tion is available for this system. Afterward, we shall discuss which of the other

TmN/Si3N4 and TmN/XY systems (Tm, transition metal; XY another covalent

compound instead of Si3N4) can meet the requirements to be superhard, and we

shall finish with a brief summary of the industrial application.
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A short remark: Attempts to prepare the nc-TiN/Si3N4 nanocomposites as bulk

ceramics by means of high-temperature high-pressure sintering have brought only

limited yet important improvement in the hardness and fracture toughness to

25 GPa and 6 MPa ·m0.5, respectively. In this case, the grain size varied between

33 and 340 nm (Bläß et al. 2015).

2.5.1 Superhard nc-TiN/Si3N4 Nanocomposites as a Model System

The Role of the Interfaces

Figure 6.9a shows the hardness enhancement of nc-TiN/Si3N4, nc-W2N/Si3N4, and

nc-VN/Si3N4 superhard nanocomposites as function of the Si content (Veprek and

Veprek-Heijman 2007), and Fig. 6.9b shows the dependence of the lattice dilatation

of nanocrystalline silicon (nc-Si) and of the TiN nanocrystals in nc-TiN/Si3N4

superhard nanocomposites as function of the crystallite size. In Fig. 6.9b, the values

for nc-Si have been extracted from Veprek et al. (1982), whereas those for the

nc-TiN/Si3N4 nanocomposites were taken from Veprek and Reiprich (1995). The

crystallite size of nc-Si has been controlled by the deposition temperature between

about 80 �C and 300 �C. In the case of the nanocomposites, the deposition

temperature has been kept constant at 550 �C, and the size of the TiN nanocrystals

was dependent on the content of Si3N4 as seen in Fig. 6.9a.

The hardness enhancement by a factor of up to 3.6 is achieved when the

thickness of the Si3N4 interfacial layer is about one monolayer (1 ML) at Si content

of about 7% in all three nanocomposites, but this enhancement is lost when the

thickness reaches 2 ML, i.e., Si content of about 14% (Fig. 6.9a). At the maximum

hardness, the crystalline size decreases to about 3 nm, and upon further increase of

the Si3N4 layer thickness, the crystallite size increases again. This increase has been

found only when the nanocomposites were deposited by P-CVD in high-frequency

glow discharge where the bombardment of the growing film by energetic ions was

negligible (Veprek and Reiprich 1995). When the deposition has been done under

condition of energetic ion bombardment, the crystallite size decreased with increas-

ing Si3N4 content in a similar manner to about 3 nm but remained constant upon a

further increase of Si3N4 because of the effect of ion bombardment. The strain seen

in Fig. 6.9b increases with increasing Si3N4 content up to the maximum hardness

and minimum crystallite size and decreases again upon a further increase of the

Si3N4 content [see Fig. 3 in Veprek et al. (2000)].

In order to understand this behavior, we have to briefly discuss the nc-Si first

(Veprek et al. 1982). There is a density deficit within the grain boundaries of

polycrystalline materials which imposes a tensile strain on the Si nanocrystals.

For a crystallite size of< 10 nm, this appears as dilatation of the lattice parameter of

the Si nanocrystals that has been measured by X-ray diffraction (XRD). This

dilatation increases with decreasing crystallite size because there are less Si

atoms balancing the stress from the grain boundaries by elastic elongation of the

Si-Si bonds. Therefore, also the elastic strain energy increases. When, at the
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Fig. 6.9 (a) Hardness and crystallite size as function of silicon content for three nc-TmN/Si3N4

nanocomposites. Notice that all silicon was present as Si3N4, not dissolved in TiN (from Veprek

and Veprek-Heijman (2007) with permission) and (b) lattice dilatation due to the tensile strain

within the grain boundaries for nanocrystalline silicon nc-Si and superhard nc-TiN/Si3N4

nanocomposites
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crystallite size of about 3.5 nm, the strain reaches �1% (corresponding to a

“negative pressure” of about 10 GPa), the elastic strain energy is equal to the

excess energy of amorphous silicon (a-Si), i.e., nc-Si is unstable with respect to

a-Si for a smaller crystallite size (for further details, see Veprek et al. 1982).

The situation is more complex in the nanocomposites because of several reasons:

The lattice misfit between TiN and Si3N4 contributes to the measured lattice

dilatation which reaches 1.2% for the smallest crystallite size of about 3 nm.

However, with a further increase of the silicon nitride content, the lattice dilatation

of the TiN nanocrystals decreases because the thicker Si3N4 interfacial layer, which

is weaker than the TiN, compensates the strain [see Fig. 5 in Veprek and Reiprich

(1995)]. This explains why there is a minimum crystallite size of about 3 nm in the

nanocomposites and why the TiN remains crystalline. It should be mentioned that

due to the measured strain, there is a large random stress in the nanocomposites

reaching a value of about 7–10 GPa for the smallest crystallite size [see Fig. 5 in

Niederhofer et al. (1999)].

Strengthening of the Interfacial Si3N4 Layer. The question arises as to why the

system chooses minimum crystallite size when the hardness reaches a maximum?

The grain boundaries have excess energy and, therefore, destabilize any polycrys-

talline system. This is the general reason for recrystallization and coarsening of

small-grain polycrystals upon annealing (“Ostwald ripening”). The only logical

explanation of the behavior observed in the three nc-TmN/Si3N4 systems (Fig. 6.9a)

was that the nc-TmN/1 ML-Si3N4/nc-TmN interface is somewhat stabilized as

compared to conventional large-angle grain boundaries in polycrystalline TmN.

This suggestion caused for many years controversial discussions with the special-

ists, until first-principle density functional theory (DFT) calculations confirmed

it. We shall briefly summarize the understanding of the nc-TiN/Si3N4

nanocomposites that has been achieved so far.

Hao et al. conducted the first DFT investigations into the nc-TiN/Si3N4

nanocomposites (Hao et al. 2006a, b). These researchers have shown that the tensile

strength of the 1 ML Si3N4-like
1 interfacial layer is larger than that of an ideal Si3N4

single crystal. More detailed DFT studies of this system by Zhang et al. have shown

that the SiNx interfacial layer is strengthened by valence charge transfer from the

TiN nanocrystals (Zhang et al. 2009a, b). The valence charge transfer is a conse-

quence of the fact that the electronegativity of Si (1.8) is larger than that of Ti (1.5).

To illustrate this strengthening, we reproduce in Fig. 6.10 the valence charge

density difference (VCDD) of the TiN(111)/1 ML-SiN/TiN(111) interface.

1 The stoichiometry of 1 ML thick interfacial layer between TiN slabs deviates from that of the

Si3N4 depending on the (hkl) nature of the interface. We write Si3N4-like because the X-ray

photoelectron spectroscopic (XPS) studies have shown that silicon is fourfold coordinated to

nitrogen like in Si3N4 crystal.
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Fig. 6.10 (Color online) (a) Valence charge density difference of the TiN(111)/1 ML-SiN/TiN

(111) interface and the corresponding bird’s eye view profile seen from different directions marked

by arrows: (b) left view and (c) top view and (d) side view. The color scale runs from �0.055 at

bottom blue to 0.035 electrons/Bohr3 at top red. The small (black) italic numbers indicate the

values of the valence charge density difference (From Zhang et al. (2009b) with permission)
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Because the VCDD on nitrogen within the SiN layer is higher than that on nitrogen

in the TiN and also the VCDD on Si is higher than the VCDD on Ti, it is clear that

the 1 ML SiN interfacial layer is strengthened in agreement with the calculations of

Hao et al. However, this does not mean that the whole TiN/1 ML-SiN/TiN interface

is stronger than the ideal TiN single crystal. As a consequence of the valence charge

transfer, the Ti-N bonds in the TiN nanocrystals close to the Si3N4 interface are

weakened and thus represent the weak links in the system where, upon a tensile or

shear load, the decohesion or shear occurs. For further details, we refer to the

quoted papers (Zhang et al. 2009a, b).

Here we shall only explain the experimental observation seen in Fig. 6.9a that

the hardness enhancement is lost when the Si3N4-like interfacial layer is 2 ML

thick. In the case of 2 ML thick interfacial Si3N4 layer, the weakening of the Ti-N

bonds due to the valence charge transfer to the 2 ML interfacial layer is too large

and the whole system loses its strength enhancement. Upon a tensile load, the

decohesion occurs at the interface between the SiN (or Si3N4) and TiN [for further

details, see Zhang et al. (2010b); Ivashchenko et al. (2015)]. To summarize,

because TiN is much stronger than Si3N4, the nanocomposites gain hardness

when the interfacial Si3N4-like layer is one monolayer thin, but this enhancement

is lost when the thickness is two monolayers or more, because too much valence

charge density is transferred from TiN to the� 2 ML SiNx.

The limitation of the DFT is that it assumes a system with the atoms at rest,

which means that the calculations are limited to 0 K. Therefore, Ivashchenko

et al. conducted comparative studies by means of first-principle quantum molecular

dynamics (QMD) that allows for thermal motions of the atoms (phonons) and

conducts the DFT calculations in small time steps of this motion. Such calculations

are very much computing time-consuming. Nevertheless, the calculations

performed so far confirmed all essential results obtained in the earlier DFT studies

by Zhang et al. which have been done for pseudomorphologically stabilized

fcc-SiN that is unstable as bulk crystal. Ivashchenko et al. included in their

calculations also Si3N4-like interfacial layers.

Interestingly, these researchers have found that the fcc-(111)-1 ML-SiN inter-

facial layer is stable also at very high temperatures although, according to the

ordinary thermodynamics at macroscale, it should decompose according to the

reaction 4SiN ! Si3N4þ Si. This stability at nanoscale is probably due to the

fact that for the decomposition reaction to occur, several atoms have to move

simultaneously, i.e., the reaction requires a minimum volume for the “nucleation,”

which is difficult to occur in 1 ML layer. This example shows that also interfaces,

which are unstable at macroscale, should not be ruled out at nanoscale. We still

know very little about the nature of the interfaces in the nanocomposites. We refer

to the relevant papers of Ivashchenko et al. for further details (Ivashchenko

et al. 2012, 2015).
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The Theoretically Achievable Hardness of the nc-TiN/Si3N4

Nanocomposites

The DFT and QMD studies enabled to calculate the shear resistance of the inter-

faces for a variety of (hkl) interfaces. These are of course lower than the ideal shear

strengths of TiN single crystal. However, one has to remember that under the

conditions of fully developed plasticity, where the correct, load-invariant hardness

is measured, there is no ideal crystal but many defects, such as dislocations, grain

boundaries, and in some cases metastable or unstable phases with much lower shear

resistance as discussed above. Therefore, the values of shear resistance of a variety

of (hkl) interfaces between about 11.5 and 22 GPa calculated by DFT (Veprek

et al. 2007) and about 15–32 GPa calculated by QMD (Ivashchenko et al. 2015) can

be used as shear resistances of the interfaces in the nanocomposites where the

plastic flow occurs. We refer to these papers for further detail of the calculations.

Here we only state that these calculations yielded an achievable hardness of the

nanocomposites of 130–170 GPa, significantly above the hardness of natural

diamond.

Therefore the experimental results published earlier by Veprek’s group on the

hardness of the nc-TiN/Si3N4 nanocomposites up to 70 GPa (see Fig. 6.11) and for

the quasi-ternary nc-TiN/Si3N4/TiSi2 nanocomposites above 100 GPa [see Fig. 5b

in Veprek and Veprek-Heijman (2012) and Fig. 4.6b in Chap. 4 of this book] can be

understood also from the theoretical point of view: There is no dislocation activity

in 3 nm small nanocrystals whose strengths approach the ideal strength of a perfect

single crystal. The high-pressure XRD studies of Prilliman et al. have shown that

the TiN nanocrystals deform only elastically and the grain boundaries are the

carrier of the plastic flow (Prilliman et al. 2006). Therefore, the plastic resistance

of the grain boundaries determines the strength and hardness of the

nanocomposites. And because the interfaces in the nc-TiN/Si3N4 nanocomposites

are strengthened by the valence charge transfer, their plastic flow resistance is

significantly higher than that of ordinary large-angle grain boundaries in highly

deformed polycrystalline TiN.

Of course, there are still many open questions. The DFT and QMD calculations

have been done for selected (hkl) interfaces in the TiN/SiNx/TiN heterostructures,

whereas the nanocomposites consist of an unknown variety of (hkl) interface which

are only 1–2 nm small. Moreover, there are many boundaries between these small

interfaces and also triple junctions whose role is difficult to estimate (see, e.g., Zhao

et al. 2011, 2012). Therefore, it is difficult to know what exactly is happening in

these nanosized grain boundaries upon a load. Nevertheless, the DFT and QMD

calculations provide a solid basis for the understanding of the very high hardness in

the nanocomposites.
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The Mechanism of the Formation of the Nanocomposites

When the nc-TiN/Si3N4 (and related) nanocomposites are deposited by PVD or

P-CVD, the individual atoms are arriving at the surface of the growing film

randomly, i.e., a homogeneous solid Tix-Siy-Nz solution is formed with composition

given by the deposition parameters used. This solid solution has to decompose

forming the nc-TiN/Si3N4 nanocomposite. In this system, the decomposition occurs

by spinodal mechanism.2 Figure 6.12 shows the Gibbs free energy for the Tix-Siy-

Nz system calculated by means of a semiempirical thermodynamics formula based

on the sub-lattice model for different activities of nitrogen (Zhang and Veprek

2006). In later work, a combined DFT calculation and thermodynamical modeling

have been used and very similar results have been obtained (Zhang and Veprek

2008). As one can see in Fig. 6.12, the system is chemically spinodal within the

whole range of the composition even at the lowest nitrogen pressure used during

PVD. At the composition corresponding to the 1 ML of interfacial Si3N4 (i.e., the

maximum hardness), the de-mixing energy is more than 300 kJ/mol, about two

orders of magnitude larger than in typical metallic alloys. This is a very high

de-mixing energy. Therefore, the system is spinodal even if there is a certain lattice

Fig. 6.11 SE micrograph

of an indentation into 8 μm
thick nc-TiN/a-Si3N4

nanocomposite coating with

a Vickers diamond indenter

at a load of 110 mN (From

Veprek and Veprek-

Heijman (2012) with

permission)

2 The term “spinodal” has been introduced by Van der Waals as a footnote in his Ph.D thesis,

without any particular linguistic meaning, to assign the part of his isotherm between the binodal

points where the second derivative is negative. Spinodal decompositions of a solid solution (or,

e.g., copolymers) occur when the second derivative of the Gibbs free energy of that solution is

negative, i.e., the system is inherently thermodynamically unstable [see Zhang and Veprek (2006)

and references therein].
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mismatch between the TiN and Si3N4-like interfacial layer [for the details of the

calculation, see Zhang and Veprek (2006)]. Because the spinodal decomposition

yields a nanostructure with well-defined periodicity (Schmalzried 1995; Porter and

Easterling 2001), there is a narrow size distribution of the TiN nanocrystals, as

observed experimentally by means of HRTEM (Christiansen et al. 1998).

It should be emphasized that Christiansen et al. studied several nc-TiN/Si3N4

samples with different Si3N4 content up to 15 at.% of Si where the hardness

enhancement is already lost (c.f. Fig. 6.9a). For each sample, several tens of

HRTEM micrographs have been done and investigated. The nanostructures seen

in the HRTEM micrographs were the same in plain as well as in cross-sectional

view, and there was no indication of any columnar morphology, in contrast to many

later reports of other groups (see later). The TiN nanocrystals were randomly

oriented and of fairly regular shape with a narrow size distribution. (The random

distribution of the TiN nanocrystals has also been confirmed by XRD [see Fig. 3 in

Niederhofer et al. (1999)].) All the several hundred TiN nanocrystals investigated

were without any defects, such as dissolved Si or oxygen. This is in agreement with

the XPS studies mentioned above and with the fact that stoichiometric and pure

transition metal nitrides and Si3N4 are immiscible (Rogl and Schuster 1992). As we

shall show later, the “miscibility of Si in TiN” and columnar morphology reported

in some later papers is due to oxygen impurities or other defects.

Fig. 6.12 Gibbs free energy of the formation of mixed TiNþ Si3N4 system at temperature of

873 K (corresponding to the upper limit of the deposition temperature used) for five different

pressures of nitrogen used in the experimental work. TiN and Si3N4 have been taken as the

reference phases (From Zhang and Veprek (2006) with permission)
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Conditions Needed to Assure that the Spinodal Decomposition Will Occur

During the Deposition. The nitrogen activity (partial pressure) during the depo-

sition is the thermodynamic driving force for the decomposition of an unstable Tm-

Si-N solid solution. The rate of the decomposition is kinetically controlled by

diffusion. Therefore, both the nitrogen pressure and the deposition temperature

must be sufficiently high to assure that the spinodal decomposition and formation of

stable nanostructure are completed during the deposition. Moreover, because the

maximum hardness is achieved when the interfacial Si3N4 layer is about 1 ML

thick, the Tm-Si-N system must be spinodal with a high de-mixing energy, because

only in such a case the interfaces can be sharp (Veprek and Reiprich 1995).

Figure 6.12 shows that even at the relatively low nitrogen pressure used in PVD,

the Ti-Si-N system is spinodal. It has been found experimentally (Veprek and

Reiprich 1995), and later on calculated from the known diffusion coefficients

(Veprek et al. 2006), that a deposition temperature of� 550 �C is needed to assure

that the nanostructure will form during the deposition.

When these conditions are met, superhard nc-TiN/Si3N4 nanocomposites with

hardness of about 70 GPa can be prepared as shown in Fig. 6.11 (Veprek and

Veprek-Heijman 2012). The scanning electron micrograph (SEM) shows an inden-

tation into 8 μm thick nc-TiN/Si3N4 nanocomposite coating with a Vickers dia-

mond indenter at a load of 110 mN. One notices that a plastically deformed

indentation area of 1 μm2 (¼10�12 m2) produced under a load of 100 mN corre-

sponds to a Meyer hardness of 0.1 N/10�12 m2¼ 1011 N/m2¼ 100 GPa.3 For a

Vickers indenter of an ideal shape, the Meyer and Vickers hardness is related to as

HVickers¼ 0.927 HMeyer’s (Tabor 1951). But because the diamond indenter deforms

plastically upon indentation into superhard materials until the tip becomes dull with

a radius of 0.5–0.7 μm (Veprek-Heijman et al. 2009), the Vickers and Meyer

hardness is for a relatively small indentation shown in Fig. 6.11 almost identical.

In order to achieve such a high and long-term stable hardness, one must meet the

conditions outlined above and the oxygen impurities must not exceed

100–200 ppm. Hardness in excess of 100 GPa has been obtained in the quasi-

ternary nc-TiN/Si3N4/TiSi2 nanocomposites [see Fig. 4.6 in Chap. 4 of this book

and also Fig. 5 in Veprek and Veprek-Heijman (2012)] because the TiSi2 is

efficiently trapping the minor oxygen impurities. However, these nanocomposites

lose the high hardness after 4–6 months because of degradation of the TiSi2 as

shown already in Veprek et al. (2005a) and discussed in some details recently

(Veprek 2013). We refer to these papers for further details.

In conclusion to this section, long-term stable quasi-binary nc-TiN/Si3N4

nanocomposites with hardness of about 70 GPa have been prepared when the

oxygen impurities were very low of about 100 ppm. Furthermore, many nc-TmN/

3Meyer’s and Vickers hardness is the applied load divided by the projected and total contact area

of the indent, respectively.
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Si3N4 coatings with hardness� 50 GPa have been prepared when the oxygen

impurities did not exceed several 100 ppm (Veprek et al. 2000; Veprek and

Veprek-Heijman 2012; Veprek 2013). We refer to these papers for further detail.

On the basis of several papers published by other groups, it has been shown that

when these conditions are not fulfilled, superhard nanocomposites cannot be

obtained (Veprek et al. 2006). This will be the subject of the next session.

Impurities and Inappropriate Deposition Conditions Are Limiting

the Achievable Hardness of the Nanocomposites

The failure of several groups to obtain the high hardness in the nc-TiN/Si3N4

nanocomposites has been either due to inappropriate deposition conditions used

(mainly a too low temperature) or oxygen impurities as already discussed several

years ago (Veprek et al. 2006; Veprek and Veprek-Heijman 2012). This is illustrated

in Fig. 6.13 that shows the maximum achievable hardness in the nc-TiN/Si3N4

nanocomposite coatings as a function of oxygen impurities (Veprek et al. 2005b).

It should be noted that there are results from five different P-CVD and PVD

apparatuses from three different countries. Since writing that paper more than

10 years ago, many more results could be added in the range of oxygen impurity

of> 0.5% and hardness below 40 GPa, but we believe that the data in Fig. 6.13 are

Fig. 6.13 Maximum achievable hardness in the nc-TiN/Si3N4 nanocomposite coatings vs. oxygen

impurities. Note that there are results from five different P-CVD and PVD apparatuses from three

different countries (From Veprek et al. (2005b) with permission)

6 Superhard and Ultrahard Nanostructured Materials and Coatings 191



sufficient to show the critical role of oxygen impurities. The high hardness

of> 40–50 GPa can be achieved only when the oxygen impurity content is of few

100 ppm. The reason is that the Si-O bond is the strongest one within the whole Ti-

Si-N (and other Tm-Si-N) system. Therefore, oxygen forms� Si-O-Si� clusters

which degrade the interfacial Si3N4 layer [see Fig. 2 in Veprek et al. (2005b)] and

hinder the diffusion and formation of the nanostructure as we shall discuss now.

Other impurities, such as hydrogen and carbon, also degrade the mechanical prop-

erties of the nanocomposites (Veprek et al. 2004a), but oxygen is the most “danger-

ous” impurity because of its high electronegativity and strong Si-O bond.

The temperature needed for the decomposition of the solid solution and forma-

tion of the stable nanostructure increases with increasing impurity oxygen content,

as shown in Fig. 6.14. The two points denoted “Int. Friction (Plasma CVD)” and

“Int. Friction (Sputtering)” on the left lower part correspond to the formation of

superhard nc-TiN/Si3N4 nanocomposites by P-CVD and reactive magnetron

sputtering in the institute of S.V., whereas the point denoted “Int. Friction (Vacuum

Arc)” corresponds to nc-(Ti1�xAlx)N/Si3N4 nanocomposites deposited by vacuum

arc in an industrial coating system of the SHM company (SHM). The point

“recrystallization (vacuum arc)” corresponds to the “recrystallization” of the Ti-

Si-N solid solution “stable” up to this point as reported by Flink et al. (2009), and

the point “a-TiSiN with high Si” describes the stability limit of Ti-Si-N coatings

with high Si content (Musil et al. 2007).
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Fig. 6.14 Temperature needed for the decomposition of the Ti-Si-N solid solution and the

formation of stable nc-TiN/Si3N4 nanostructure (the three points denoted “Int. Friction” on the

left), the recrystallization of the solid solution, and the stability limit of Ti-Si-N coatings with high

Si content (From Veprek and Veprek-Heijman (2012) with permission)
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Flink et al. reported already in 2005 (Flink et al. 2005) about the high stability of

the Ti-Si-N solid solution, but in that paper, the concentration of oxygen impurities

has not been given. In a later paper, they confirmed the high stability of the solid

solution up to 1000 �C and reported also the oxygen impurity content of about

0.7–0.8% (7000–8000 ppm) for coatings with Si content of 7–9% where the

maximum hardness should be found. However, it is not possible to prepare

superhard nanocomposites under such conditions because, as well known from

silicon technology, silicon is lost by evaporation of SiO that is volatile above

900 �C. Indeed, using atom probe tomography, Tang et al. did not find any

Si3N4-like interfacial layer in Ti-Si-N coatings with oxygen impurity content of

about 1.2–1.4 at.% (Tang et al. 2010). According to the results shown in Fig. 6.14,

the samples used by these researchers would have to be annealed at a high

temperature of about 1200 �C to reach the “recrystallization.” Flink et al. also

reported very high density of dislocations of about 1 · 1014 cm�2 in their Ti-Si-N

films and stated that this “corresponds to values found for heavily cold work-

hardened material” (Flink et al. 2009). Critical reader will realize that this value

is the order of magnitude too high for cold work-hardened material (Argon 2008),4

but it can be explained by the oxygen impurities: Taking the reported concentration

of about 0.8 at.% and assuming that the thickness of the samples used for the TEM

study was about 20–30 nm yield the areal density of the O-related defects of about

0.6 to 1� 1014 cm�2.

When, in a later work, the oxygen impurity has been decreased below the

detection limit of 0.1% (1000 ppm) of the analytic techniques used by this group,

the homogeneous solid solution could be grown at 550 �C epitaxially on TiN up to a

critical thickness of few tens of nm. The segregation of Si to the grain boundaries

was seen for thicker layers, but it seems to be still incomplete (Eriksson et al. 2014).

It remains an open question if the TiN and Si3N4 phases would segregate

completely in these experiments when the oxygen impurity content would be

only few 100 ppm. According to our results and those available in the literature

(Rogl and Schuster 1992), the segregation will be completed if the impurity content

will be sufficiently low.

There is a fundamental question regarding the nanostructure formation in the Ti-

Si-N coatings deposited by PVD because all papers known to us reported columnar

morphology. In our own studies using reactive magnetron sputtering, we have also

observed dense morphology which appeared isotropic in the SEM [see Fig. 14 in

Prochazka et al. (2004)], but columnar, although very dense morphology could be

seen in HRTEM. However, the oxygen impurity of about 1000–1500 ppm was also

much larger in our coatings deposited by reactive sputtering than in the nc-TiN/

4At a dislocation concentration of 1014 cm�2, the long-range order is lost (Ninomiya 1978) and

amorphization occurs (Nastasi et al. 1996). High dislocation density of 1014 cm�2 can be formed

by a powerful 10 ps laser pulse, but the dislocation density quickly decays to 1013 cm�2 after only

140 ps (Bringa et al. 2006).
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Si3N4 nanocomposites deposited by P-CVD, which had fully isotropic nature (see

above). Nevertheless, the segregation of the TiN and Si3N4 has been clearly seen

also in our coatings deposited by sputtering [see Fig. 9 in Veprek (2013)]. This

question will remain open until someone succeeds to deposit these coatings by

sputtering with impurity content of 100 ppm or less.

Coatings deposited by PVD should be also fully segregated nc-TiN/Si3N4

nanocomposites because the decomposition of the solid solution occurs by diffu-

sion in the bulk of the growing film for the following reasons: Based on the

published values of the diffusion coefficient of Si in TiN, it has been estimated

that about 100 s are needed for Si to diffuse over a distance of about 5 nm, which is

taken as an approximate criterion for the segregation of the phases, whereas several

1000 s are needed at 300 �C (Veprek et al. 2006; Zhang and Veprek 2006). With the

deposition rate of� 1.5 nm/s used in our sputtering system (Prochazka et al. 2004),

a 5 nm thick layer of the solid solution is deposited within about 3 s, whereas the

time needed for Si to diffuse such distance is about 100 s. Therefore, homogeneous

solid solution is formed at the surface of the growing films initially during the

deposition, and the decomposition of the solid solution and phase segregation

occurs by diffusion in the bulk. One often finds a suggestion that the ion bombard-

ment may enhance the diffusion and phase segregation. However, at the high

deposition rates, the decomposition of the solid solution by diffusion occurs in

the bulk where the ion bombardment does not play any role. Moreover, ion

bombardment will enhance mixing.

In the case of the coatings deposited by P-CVD, the deposition rate of

0.5–0.7 nm/s was only slightly lower. Therefore, there seems to be no rational

reason why the mechanism of the decomposition of the solid solution and formation

of the nanostructure should be different in P-CVD and PVD coatings. All the

discrepancies regarding the morphology and achievable hardness appear to be

associated with the impurity content.

2.5.2 The Possibility of the Formation of Superhard Nanocomposites
in Other Systems

Based on our present understanding of the mechanism of hardness enhancement in

the nc-TiN/Si3N4 system, the following conditions are needed to achieve hardness

enhancement by a factor of 3–5 as compared with the terminal phases which, of

course, must be hard: (a) The system must be spinodal with a high de-mixing

energy even if the segregated phases are not coherent, (b) the interfacial layer of the

covalent XY compound must be stable between the surrounding TmN and another

alternate hard material, (c) there must be some mechanism of strengthening of the

interfacial XY layer similar to that in the nc-TiN/Si3N4 nanocomposites, and (d) the

material must be prepared with a sufficiently high purity.
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Thermodynamics

As shown in Fig. 6.9a, the superhard nc-TmN/Si3N4 nanocomposites have also

been obtained with W2N and VN. The company SHM is fabricating nc-(Ti1�xAlx)

N/Si3N4 and nc-(Cr1�xAlx)N/Si3N4 nanocomposite coatings on tools that reach

hardness of about 40 GPa when the oxygen impurity content is� 1000 ppm (see

Fig. 6.15). The lowest impurity content that has been achieved so far in such

coatings deposited in an industrial coating equipment of the SHM company was

about 700 ppm [see Fig. 21 in Veprek (2013)]. Thus, an improvement of the

impurity by a factor of 3–4 is needed to reach the hardness of� 50 GPa in the

industrially produced coatings.

As mentioned, all transition metal nitrides and Si3N4 are immiscible, and they

should probably decompose by spinodal mechanism, provided the lattice parame-

ters of the TmN and Si3N4 do not differ too much. In such case, the only limitation

is the stability of the interracial fcc-Si3N4-like layer. When the lattice mismatch

between the transition metal nitride and Si3N4 is too large, the decomposition will

not be coherently spinodal.

Fig. 6.15 Elastic recoil detection analysis (ERDA) of a typical nc-(Ti1�xAlx)N/Si3N4 coatings

deposited by vacuum arc evaporation in an industrial coating system of the company SHM (SHM)
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Using a combined first-principle DFT calculation and thermodynamic modeling,

our group has studied a limited number of possible systems. The results are briefly

summarized here:

– The Zr-Si-N (Sheng et al. 2008) and Al-Si-N (Sheng et al. 2013) systems are not

coherently spinodal and, therefore, should decompose by nucleation and growth

without the formation of a sharp interfacial Si3N4 layer. Therefore, the hardness

enhancement observed in these systems is due to grain refinement only.

– Also the Zr-Al-N system should decompose by nucleation and growth (Sheng

et al. 2008), and as we shall see, the fcc-AlN interfacial layer is unstable

with ZrN.

– The Ti1�xBxN system consisting of stoichiometric TiN and BN is chemically

spinodal, and superhard nc-TiN/1 ML-BN nanocomposites have been prepared

by P-CVD (Karvankova et al. 2006), whereas the frequently reported

nitrogen-deficient TiBxN1�x (“TiNþTiBx”) system should decompose by

nucleation and growth (Zhang et al. 2008). However, the large difference of

the sizes of boron and titanium atoms makes a coherent or semi-coherent

interfacial BN layer impossible to form [see Fig. 12a in Karvankova

et al. (2006)]. Moreover, the 1 ML of fcc-BN between TiN slabs is unstable

already at 0 K (Ivashchenko and Veprek 2013). Therefore, the hardness

enhancement observed in the nc-TiN/BN nanocomposites is most probably

due to the “strongest size,” as seen in Fig. 6.16. The maximum hardness of

about 50 GPa is achieved in this system when the surface coverage of the TiN

nanocrystals by BN reaches about 1 ML as in the nc-TiN/S3N4 system. More-

over, the electronegativity of boron (2.0) is slightly larger than that of silicon

(1.8). Therefore, one might believe that the mechanism of the hardness enhance-

ment is similar in both systems. This is however not the case because due to the

large misfit between TiN and BN, there are also some Ti-B bonds even at the

maximum hardness and 1 ML coverage of TiN nanocrystals with BN

(Karvankova et al. 2006). By careful observation (Fig. 6.16), one sees that the

maximal hardness correlates with the size of the TiN nanocrystals around 10 nm,

i.e., with “the strongest size.” Therefore, the hardness enhancement in these

nanocomposites is only due to the refinement of the grain size but not due to a

“strengthened” interfacial layer.

– This example should be a warning that in many other systems, where a hardness

enhancement up to 30–35 GPa has been found upon possible formation of

nanocomposites, it was probably solely due to the grain refinement.

– One of the most promising systems is Zr-Al-O because it is chemically spinodal

(Sheng et al. 2011a, b) and should have an “infinitive oxidation resistance”

which is very important in many industrial applications. However, because the

hard corundum α-Al2O3 modification forms only at high temperatures

of� 1000 �C, the mixed α-(Al1�xCrx)2O3–ZrO2 and in particular Cr2O3–ZrO2

systems may be more suitable to form hard and superhard nanocomposites. The

formation of “Cr-Zr-O” coatings with a pronounced hardness enhancement has

been achieved by M. Jilek from the SHM company (Jilek 2012).
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These limited examples clearly show that not all the systems can form superhard

nanocomposites with hardness enhancement above 40–50 GPa because the inter-

facial covalent XY layer is not sharp and not strengthened. The most likely

mechanism of the strengthening reported in many papers is due to refinement of

the crystallite size. This is most probably valid also for papers reporting on

nc-TmN/SiNx nanocomposites with oxygen impurities of� 0.3–0.4%. The com-

bined DFT and thermodynamics studies should be extended to other candidate

systems because they are much faster and cheaper than the experimental trial and

error approach.

Stability of the Interfacial Si3N4 and Alternate XY Layers

There are several ways of how to investigate the stability of the interfacial layer.

The DFT method, which yields result at 0 K, does not guarantee that the structure

obtained by structural relaxation until a minimum of the total energy has been

achieved is really stable. Therefore, one has to study the dynamical phonon stability

or artificially distort that structure and observe whether the total energy increases

(the structure is stable or metastable in such a case) or decreases, in which case the

Fig. 6.16 Hardness of nc-TiN/BN nanocomposite coatings vs. surface coverage of the TiN

nanocrystals with BN. The numbers are the corresponding size of the TiN nanocrystals (From

Karvankova et al. (2006) with permission)
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structure is unstable. Both approaches have been used to study the stability of the

1 ML-fcc-SiN layers pseudomorphically stabilized between TiN slabs. The artifi-

cial distortion approach has been used by Zhang et al. who showed that the

fcc-(111)- and fcc-(110)-TiN interfacial monolayers are stable, but the fcc-(001)-

SiN one is unstable. However, it has been stabilized by distortion of the Si atoms in

(Veprek et al. 2004b) direction by 12%, where the Si is essentially only fourfold

coordinated (Zhang et al. 2009a, b). Marten et al. (2010) conducted the dynamic

phonon studies of this system and confirmed the results of Zhang et al. More

recently, Ivashchenko et al. used QMD to study this system at high temperatures

and confirmed also these results (Ivashchenko et al. 2012). Interestingly, in the

QMD calculations of Ivashchenko et al., the distortion of the Si atoms within the

1 ML SiN was random and not regular in the (Veprek et al. 2004b) direction as in

the DFT studies of Zhang et al. This is due to the fact that the random distribution

decreases the elastic lattice strain and concomitant elastic energy. This is seen as a

decrease of the total energy after “annealing” the system to high temperature and

“cooling” down to 300 K in a simulated “experiment.”

The probably most efficient method is the phonon study of the soft modes, as

recently done by Ivashchenko et al. [Ivashchenko et al. (2014); Ivashchenko and

Veprek (2013)]. When the structure is stable with respect to a given phonon mode,

its phonon vector is real, i.e., small distortions of the atoms from their equilibrium

positions are damped. When, however, the structure is unstable upon an infinites-

imal deformation corresponding to the given phonon mode that is driving the

structural transformation, that phonon will be amplified which shows imaginary

phonon vector (Dove 1993). Conventionally, this situation is represented by neg-

ative phonon frequencies.

Figure 6.17a shows the frequencies of soft phonon Λ3[2π/a(1/8,1/8,1/8)] and
Δ5[2π/a(1/4,0,0)] modes of the B1-AlN interfacial layer as the function of lattice

parameters of the surrounding transition metal nitride slabs (Ivashchenko

et al. 2014). The frequencies are positive for lattice parameters< 0.44 nm, i.e., an

interfacial AlN layer should be stable between the slabs of corresponding nitrides

such as TiN, VN, NbN, and the like but unstable, e.g., with ZrN whose lattice

parameter is close to 0.47 nm.

However, it remains an open question if one could prepare superhard

nanocomposites with a large hardness enhancement in the systems Ti-Al-N,

V-Al-N, and Nb-Al-N because although some of them are chemically spinodal,

the de-mixing energy is the order of magnitude smaller than that in the Ti-Si-N

system, as shown, e.g., for the Ti-Al-N (Zhang and Veprek 2007a) and Cr-Al-N

(Zhang and Veprek 2007b) systems. Furthermore, the electronegativity of Al (1.5)

is similar or even lower than that of the transition metals mentioned (Ti-1.5, V-1.6,

Nb-1.6). Thus, a strengthening of the fcc-AlN interfacial monolayer by valence

charge transfer is ruled out. Therefore, superhard nc-TiN/AlN and related

nanocomposites with a similar hardness enhancement mechanism as in the

nc-TiN/Si3N4 system are unlikely to form.

In a similar way, it was shown that fcc-BN interfacial monolayer is unstable for

lattice parameter of the TmN larger than about 0.32 nm [see Fig. 1 in Ivashchenko
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and Veprek (2013)] which lends a further support to the fact that the hardness

enhancement observed in the nc-TiN/BN nanocomposites is simply due to refine-

ment of the grain sites of the TiN, as discussed above.

Interesting is the question if one could use SiC as the interfacial layer because

Kong et al. reported significant hardness enhancement in TiN/SiC heterostructures

deposited by magnetron sputtering at room temperature with TiN slabs of 4.3 nm

and SiC layers of 0.6 nm thickness (Kong et al. 2007). Figure 6.17b shows the

phonon frequencies of 1 ML fcc-SiC layer between TmN slabs of different lattice

parameters. The lattice parameter of TiN of 0.423 nm is just close to the instability

by the soft modes. Therefore, upon heating to 600 K, the fcc-SiC interfacial layer

becomes unstable and converts to a disordered structure with broken bonds [see

Fig. 3 in Ivashchenko and Veprek (2013)]. Moreover, TiN1�xCx forms stable

substitutional solid solution where carbon atoms replace nitrogen. In TiN1�xCx

deposited by P-CVD at temperature of 560 �C, with increasing fraction of carbon,

the hardness increases from that of TiN to that of TiC following the rule of mixtures

[see Fig. 8 in Veprek et al. (1996)]. Therefore, even when the TiN/SiC

heterostructures deposited at room temperature have shown an interesting hardness

enhancement, nc-TiN/SiC nanocomposites cannot be prepared because this system

forms a stable solid solution.
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B1-AlN interfacial layer and (b) for B1-SiC interfacial monolayer as function of lattice parameters

of the surrounding transition metal nitride slabs (From Ivashchenko et al. (2014) and Ivashchenko

and Veprek (2013) with permission)
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In summary to this section, the understanding available to us now suggests that

superhard nanocomposites with hardness enhancement by a factor of 3–5 can be

formed only in the Tm-Si-N systems where the lattice parameter of the transition

metal nitride does not differ too much from that of SiNx, because only such systems

are spinodal with large de-mixing energy, and the interfacial 1 ML SiNxwith silicon

fourfold bonded to nitrogen is stable and strengthened by valence charge transfer.

In majority of nanocomposites, where some hardness enhancement has been

reported, this was due to a simple refinement of the grain size toward the “strongest

size.”

3 Industrial Applications

As already mentioned, the nc-(Ti1�xAlx)N/Si3N4 nanocomposites have been

pioneered as wear-protection coatings on tools for machining by Czech company

SHM since 1996, followed soon by many other companies. The advantage of the

nanocomposites is not only the higher hardness which reduces the abrasion wear

but also (an in many cases mainly) their higher oxidation resistance up to above

900 �C, which is about three times better than that of the (Ti1�xAlx)N coatings, and

therefore reduces the chemical wear by oxidation. The nc-(Cr1�xAlx)N/Si3N4

nanocomposites show even better oxidation resistance above 1000 �C [see

Fig. 10 in Cselle (2005)]. We refer to our reviews for further details and information

(Veprek and Veprek-Heijman 2008; Veprek 2013). Here we only emphasize

several important points and give some examples of more recent achievements.

The high oxidation resistance is very important because in many machining

operations, such as drilling, the cutting edge is running almost dry even when

coolants are used. Thus, the number of holes being drilled by drills coated with

the nc-(Ti1�xAlx)N/Si3N4 nanocomposites is more than factor of 3 larger than that

with the conventional (Ti1�xAlx)N coatings. Moreover, if one can reduce the

amount of coolant or even eliminate them in dry machining, one can significantly

reduce the overall costs of the machining by up to 30%.

Besides the high hardness, the nanocomposites also show a very high elastic

limit of almost 10%, which means that they sustain large strain without formation

of cracks [see Fig. 9 in Veprek et al. (2003)]. This is particularly important in

interrupted cutting, such as milling. However, the “harder” machining and longer

lifetime of tool coated with these coatings may result in fatigue of the material of

which the tools are made as illustrated by curve 3 in Fig. 6.18. Because the mills

coated with the nanocomposites allowed longer lifetime of the tools, fatigue in the

cemented carbide of which the tool has been made of caused an unpredictable

sudden wear. Such behavior cannot be tolerated because the operator must know

when to change the tool to avoid damage to the part being machined. The solution

was the TripleCoatings® with about 2 μm thick underlayer of (Ti1�xAlx)N and

about 1 μm top layer of the nc-(Ti1�xAlx)N/Si3N4 nanocomposites (Cselle 2008). In

such a way, the wear became predictable and the lifetime of the tool has been
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increased by almost a factor of 5 as compared with the conventional (Ti1�xAlx)N

coatings (curve 4 in Fig. 6.18). One can also see that the nc-(Ti1�xAlx)N/Si3N4

nanocomposites are significantly better than the nc-TiN/Si3N4 ones (curve 2 in

Fig. 6.18), probably because of higher oxidation resistance of the former.

The low thermal conductivity of the nanocomposites reduces the flow of heat

released due to the machining into the cutting edge. The low thermal conductivity is

caused by intense phonon scattering on the grain boundaries of the 3–4 nm small

nanocrystals. In the case of “TiSiN” nanocomposite coatings, the thermal conduc-

tivity decreased from about 12 W/m ·K for TiN to about 1.7 W/m ·K for TiSiN

nanocomposite coatings with high Si content. For the Alþ Si content where the

hardness of the coatings reached maximum, the thermal conductivity was about

3 W/m ·K (Samani et al. 2013). The thermal conductivity increases with increasing

temperature. The lowest thermal conductivity and its lowest increase with temper-

ature have been found for the CrAlSiN nanocomposites (Martan and Benes 2012).

A significant decrease of the thermal conductivity has been reported also for

TiN/TiAlN multilayers (Samani et al. 2015). The low thermal conductivity of the

nanocomposite coatings is of particular interest for tools made of HSS which must

not be heated above 530 �C because above that temperature it softens.

Fig. 6.18 Milling of 56 HRC hard steel using end mils made of cemented carbide coated with

different coatings: 1, conventional (Ti1�xAlx)N coatings from two different manufacturers;

2, “TiSiN” coatings from a foreign company; 3, nc-(Ti1�xAlx)N/Si3N4 nanocomposite coatings;

and 4, “TripleCoatings®” consisting of about 2 μm thick (Ti1�xAlx)N border layer and 1 μm thick

nc-(Ti1�xAlx)N/Si3N4 nanocomposite top layer (From Cselle (2005) with permission)
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Fast trains, such as Shinkansen in Japan, TGV in France, ICE in Germany, and

others, are running at a speed of more than 300 km/h. In that case, the roughness of

the rails must be less than 0.2 mm to avoid not only uncomfortable tremors and

vibration of the train and noise but also to reduce the wear and possible crack

formation in the rails. Therefore, the rails have to be periodically machined by

milling. The tool has typically a diameter of about 60 cm and 22 teeth with many

indexable inserts fixed there. It operates at 120–150 revolutions per minute with a

surface speed of 220–280 m/min and feed of 700 m/h. The machining can be done

only in the night when the fast trains do not operate. The company SHM in

collaboration with the manufacturer of the indexable inserts Pramet developed

special coatings shown in Fig. 6.19 (Pramet SHM 2014). The calotec ground

section shows the depth profile of the coating: substrate (cemented carbide) in the

center and adhesion TiN layer (the first red-yellow layer), followed by a multilayer

consisting of (Ti1�xAlx)N (dark) and TiN (red yellow) with top layer of the

nc-(Ti1�xAlx)N/Si3N4 nanocomposite. This coating enabled to increase the lifetime

of the expensive tool by more than 20% and in such a way to extend the length of

the rail that can be machined with one tool to more than 2 km.

As last example, we show in Fig. 6.20 tools made of steel for injection molding

of Al alloys in fabrication of parts for automotive industry, after the fabrication of

15,000 parts. The tool treated in a conventional way by nitriding (left) shows a clear

wear and had to be exchanged, whereas the tool coated with 2–3 μm thick

nc-(Cr1�xAlx)N/Si3N4 coating does not show any noticeable wear. Obviously, the

nanocomposites offer a great advantage also in operation where a combined

abrasive and chemical wear occurs.

Fig. 6.19 Calotec in the

coatings of the indexable

inserts used for the milling

of rails for fast trains

showing the depth profile:

substrate (cemented

carbide) in the center and

adhesion TiN layer (the first

red-yellow layer), followed

by a multilayers consisting

of (Ti1�xAlx)N (dark) and
TiN (red yellow) with top
layer of the nc-(Ti1�xAlx)N/

Si3N4 nanocomposite (From

Pramet SHM (2014) with

permission)

202 S. Veprek and M.G.J. Veprek-Heijman



4 Conclusions

The search for new intrinsically super- and ultrahard materials should not consider

only the high values of elastic moduli, but it has to study in detail the electronic

stability upon large shear and the deformation paths. The presently available results

show that materials which contain d-metals or non-binding electron pairs are likely

to undergo electronic instability and transformation to other phases with low plastic

resistance. Thus, diamond will probably remain the intrinsically hardest material.

More promising are attempts to design extrinsically superhard nanostructured

materials, such as heterostructures, nanosized materials with crystallite size close to

10–15 nm (the “strongest size”) and in particular nanostructured materials with

low-energy grain boundaries. The recently prepared nanotwinned nt-c-BN and

t-diamond reached the load-invariant hardness of 109 and 200 GPa, respectively.

Super- and ultrahard nanocomposites with strengthened interfacial layer,

such as nc-TiN/Si3N4 and nc-TiN/Si3N4/TiSi2, can reach hardness in excess of

Fig. 6.20 Tools for injection molding of Al alloys in fabrication of parts for automotive industry,

both after the fabrication of 15,000 parts. The length and diameter of the tools are about 200 and

20 mm, respectively. Left tool with conventional surface treatment by nitriding, right tool coated
with 2–3 μm thick nc-(Cr1�xAlx)N/Si3N4 coating [From SHM, private communication (2013)]
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100 GPa provided they are correctly prepared with low impurity content. The

nc-(Ti1�xAlx)N/Si3N4 and nc-(Cr1�xAlx)N/Si3N4 coatings are used aswear-protection

coatings on tools for machining, stamping, forming, injection molding, and the like.

Their advantage is not only the higher hardness but also high oxidation resistance and

resistance against chemical corrosion as compared to their conventional counterparts

(Ti1�xAlx)N and (Cr1�xAlx)N.

We have also shown that not all “nanocomposites” reported in many publica-

tions during the last two decades can be superhard. In many cases, the observed,

relatively small increase of the hardness was due to simple refinement of the grain

size. The conditions needed for achieving the high hardness of� 100 GPa in

nanocomposite systems have been discussed in some detail, and some promising

systems have been identified and others ruled out.
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Chapter 7

Future of Superhard Material Design,
Processing and Manufacturing

Dr. Maweja Kasonde, CEng MIMMM

and Dr. Valentine Kanyanta, CEng MIMechE

Abstract Advancements in superhard and ultrahard material design will require a

paradigm shift in the way we think about material design. It will need thinking outside

the box and using unconventional technologies. The biggest challenges with

superhard materials is their inherently lower fracture toughness, expensive to manu-

facture and difficult to process into final formats or geometries (such as for cutting

tools) required by end users. These geometries are at times extremely complex 3D

shapes with micron size features which are difficult to achieve via conventional

processing methods. All these challenges limit the use of superhard and ultrahard

materials in many drilling and machining applications. This chapter looks at firstly

how the fracture toughness of superhard materials can be enhanced using concepts

such as biomimicry, dispersing a tough phase in a superhard material matrix, engi-

neering controlled defects, designing functionally graded structures, nanostructuring

and imbedding a three-dimensionally interpenetrating network of a tough phase inside

a brittle matrix. Secondly, the chapter briefly discusses additive manufacturing

(e.g. 3D printing) as a route to reducingmaterial waste/cost, increasing responsiveness

to market needs for customised and complicated 3D shapes and eliminating the need

for post-processing (i.e. moving towards a single-step manufacturing process).

1 Introduction

Superhard and ultrahard1 materials such as cubic boron nitride and diamond have

transformed the abrasive markets in terms of economics and productivity. Owing to

their extremely high hardness, these materials are now widely used is industrial
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1Diamond is the only intrinsically ultrahard material with a hardness of greater than 80 GPa,

usually about 100 GPa. Superhard materials are defined as those with a load invariant Vickers

hardness greater than 40GPa and ultrahard materials as having a hardness exceeding 80 GPa.
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applications requiring very high resistance to abrasion wear. They offer high

material removal rates, superior surface finish and longer tool life. All these factors

contribute to favourable economics of cutting, drilling and grinding operations. For

example, the use of diamond-based cutting tools in oil and gas has resulted in

significantly increased productivity and efficiency compared carbide and steel

tools. The high penetration/drilling rates means drilling times can be significantly

reduced. Long tool life also means less number of drill bit changes or trips (Scott

2006). These two factors have a significant impact on the cost per foot drilled,

which includes both the direct and indirect overhead costs.

In cutting and machining operations, the ability to maintain a sharp cutting edge

is extremely important in order to achieve superior surface finish of the work piece.

This is made possible by the high resistance to abrasion wear of the cutting tool

material. The tool also needs to be able to retain high hardness at elevated

temperatures. At the cutting tip, temperatures can be extremely high especially in

cases involving machining of super alloys such as INCONEL where temperatures

are thought to be in excess of 1000 �C (Kennam et al. 2015). Diamond and cubic

boron nitride have very good hot hardness and hence another reason why they are

preferred in applications such as high speed turning of super alloys and case-

hardened steels. The downside with these two superhard materials, especially in

the case of diamond, is the low resistance to chemical wear when machining certain

types of materials. Diamond-based cutting tools cannot be used to machine ferrous

or iron-containing materials because of the high solubility of carbon in iron. This

possesses significant restrictions on the type of materials which can be machined.

Diamond also has poor thermal stability at temperatures above 600 �C under

atmospheric pressure conditions (Westraadt et al. 2015). Above this temperature,

it starts to transform into graphite which is a much softer phase. Cubic boron

nitrides has relatively better thermal stability than diamond and can be used to

machine ferrous materials (Goel et al. 2012). However, cubic boron nitride is not

completely inert with iron during machining of ferrous alloys. Studies have shown

that there is dissolution and diffusion of cBN into the flowing chip and work piece

(Arsecularatne et al. 2005; Barry and Byrne 2001; Giménez et al. 2007; Narutaki

and Yamane 1979; Zimmermann et al. 1997). Therefore it also does suffer from

similar problems of chemical wear as diamond, although in the case of the former

this is less pronounced. Improving resistance to chemical wear and thermal stability

is necessary if these traditional materials are to find much wider applications as

cutting tools.

The other challenge with traditional superhard materials, i.e. diamond and cubic

boron nitride, is their inherently low fracture toughness. Although these materials

are extremely hard and are widely employed as cutting tools in difficult to machine

materials, their resistance to crack propagation (or fracture toughness) is only a few

MPa/m0.5. For polycrystalline diamond, the values of mode I fracture toughness is

usually below 10 MPa/m0.5 and can be as low as 5 MPa/m0.5 depending on the

average grain size of diamond particles, metal content and synthesis conditions

(Droty et al. 1995; McNamara et al. 2015; Morrell et al. 2010; Petrovic et al. 2011).

In the case of polycrystalline cubic boron nitride, values of between 8 and
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14 MPa/m0.5 have been reported (Carolan et al. 2013a). This is still far below what

can be achieved with cemented carbides, i.e. up to 25 MPa/m0.5 (Okamoto

et al. 2005; Sandvik Hard 2005), and even an order of magnitude lower when

compared to tool steels. The toughness of single crystal diamond or cubic boron

nitride is even much lower.2 Because of the low fracture toughness, diamond and

cubic boron nitride materials are usually susceptible to unpredictable and cata-

strophic failure during application. Not only are such failures undesirable in terms

of reduced productivity, they can cause significant damage to parts being machined

and increase the scrap rate. As a result, the industry still needs superhard materials

with much increased fracture toughness.

In addition to low fracture toughness, resistance to chemical wear and some-

times poor thermal stability, traditional superhard materials also present significant

manufacturing challenges which involve high pressure and high temperatures

usually in excess of 5 GPa and 1400 �C, respectively. Generating such conditions

is an extremely expensive process. There is also a high level of complexity involved

in designing press systems that can generate the required high pressure and tem-

perature conditions. The current alternative manufacturing process to high pressure

and high temperature (HPHT) is chemical vapour deposition (CVD). However, this

is equally an expensive and energy-intensive process. Not only are these materials

expensive to make, they are also difficult to process into final tool geometries

required by end users. Therefore, there is also a requirement for making near

net-shaped formats so that any secondary processing is kept to the minimum.

In order for diamond and cubic boron nitride to remain preferred superhard

materials for cost-effective solutions in abrasive markets, the challenges

highlighted above, i.e. low fracture toughness, resistance to chemical wear, thermal

stability, manufacturing costs and difficulty of processing, need to be addressed.

This chapter looks at possible solutions to overcoming some of these challenges.

2 Overcoming the Toughness Challenge

Enhancing the fracture toughness of materials which are inherently brittle is not

trivial. Diamond and cubic boron nitride are intrinsically superhard because of the

cubic crystal structure and short covalent bonds between their atoms. This structure

offers very high resistance to plastic flow, and hence high hardness. However, the

absence of plastic deformation is detrimental to the toughness of the material. As a

result diamond and cubic boron nitrate are intrinsically brittle, with low fracture

toughness or resistance to crack growth. The only way the toughness of these

2 Polycrystalline materials have higher fracture toughness than single crystalline materials due to

the random orientation of crystallographic planes. In single crystal materials, fracture always takes

place along weaker planes (less energy barrier). By having fracture or slip planes randomly

oriented as in a polycrystalline material, the resistance to crack propagation is enhanced.
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materials can be enhanced is via extrinsic toughening mechanisms that inhabit

crack growth or alter the way cracks propagate. In most cutting and drilling

applications, diamond and cubic boron nitride materials are used in the form of

sintered polycrystalline structures. Commercially available polycrystalline dia-

mond (PCD) is prepared via a high pressure and high temperature liquid-phase

sintering process. The result is an intergrown skeleton of diamond grains with metal

inclusions occupying the interstices in the material. Intergrowth is made possible

via the dissolution and reprecipitation of carbon atoms by using a metal solvent

catalyst. On the other hand, polycrystalline cubic boron nitride consists of

superhard particles (i.e. cubic boron nitride) bonded together by a binder phase

and does not usually contain any intergrowth between the superhard particles. The

preparation of these two materials is extensively covered in Chaps. 1 and 2.

There is always a requirement in industry for materials that are simultaneously

superhard, strong and tough. However, the challenge in designing such materials is

that toughness and strength are generally mutually exclusive, meaning enhancing

one result in the other being sacrificed. This is also usually the case with toughness

and hardness. Therefore, it is extremely difficult to improve the fracture toughness

of these superhard materials without negatively affecting their hardness and

strength. One way of defeating this toughness—strength (or hardness) conflict—

is through biomimicry. Natural materials are known to achieve an excellent com-

bination of strength and toughness (Chen et al. 2012; Karambelasa et al. 2013;

Rabiei et al. 2010; Ritchie 2011; Sowmya et al. 2013). There are also other extrinsic

toughening mechanisms which are discussed later in this chapter.

2.1 Biomimicry and Superhard Materials

Biomimicry is increasingly becoming a popular phenomenon in the design of novel

material structures with an excellent combination of strength, hardness and tough-

ness. The complex hierarchical microarchitectures of biological materials have

already inspired the design of exceptionally tough ceramic composites (Chen

et al. 2012; Karambelasa et al. 2013; Munch et al. 2008; Ritchie 2011; Sowmya

et al. 2013; Torres-Sanchez and Corney 2011; Wang et al. 2000). These

biomimicked multilayered composites exhibit levels of damage tolerance far

greater than what can be achieved in monolithic structures. For example, Wang

et al. (2000) produced fibrous and laminated silicon nitride—boron nitride (Si3N4/

BN) composites imitating bamboos and nacre structures, respectively. In both

cases, the materials showed over a tenfold increase in the work of fracture com-

pared to monolithic silicon nitride (Si3N4) ceramics. Similar results were reported

by Karambellas et al. (2013). They used a SHELL (sequential hierarchical

engineered layer lamination) technique to fabricate Si3N4/BN ceramic composites

mimicking the microarchitecture of Strombus gigas shell. Damage tolerance values

of 8–9 times higher than that of monolithic Si3N4 were reported. These are only a

few of several other examples where biomimetic ceramics and composites with
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significantly higher fracture toughness compared to those of their constituents have

been reported in literature (Chen et al. 2012; Munch et al. 2008; Ritchie 2011;

Sowmya et al. 2013; Torres-Sanchez and Corney 2011). Understanding the func-

tions of the microarchitectures of biomaterials with the view of replicating them in

their synthetic counterparts forms a significant part of these studies.

Researchers have used several natural materials to inspire the design and fabri-

cation of superior industrial materials. Examples of commonly used materials

include bamboo, tooth, nacre, collagen fibres and bone. The bamboo is a function-

ally graded material with a hierarchical or layered structural design. The nodes,

which occur periodically along the length of the bamboo, impart tensile strength,

stiffness and rigidity on the macroscale (Amada 1995; Amada et al. 1997; Li

et al. 2007). The microstructure changes gradually from outer to the inside of the

material. Density of distribution of the vascular bundles, which act as the

reinforcing component, is highest in the outer green layer, which experiences the

maximum stresses during bending. Such a hierarchically designed structure is

typical of biomaterials where an optimised structural design is used to realise

superior mechanical performance. The bamboo also exhibits an asymmetric flex-

ural and tension/compression behaviour when subjected to different loading states.

Habibi et al. (2015) used multi-scale mechanical characterisations and microstruc-

ture analysis to investigate this behaviour in natural bamboo (Phyllostachys edulis)
strips under different loading configurations (Habibi et al. 2015). They were able to

show that the flexural asymmetry is mainly due to the gradient distribution of the

vascular bundles along the thickness direction, whereas the hierarchical fibre/

parenchyma cellular structure plays a critical role in alternating the dominant

factors for determining the distinctly different failure mechanisms. A numerical

model was also employed to study the effective flexural moduli of bamboo strips as

a function of microstructural parameters. One of the peculiar aspects of the bamboo

is the evolution of the microstructure of its outer and innermost layers under

different bending states. This is important in distribution and transmission of

stresses and also in relieving any local high stresses.

Other materials such as mammalian tooth (Sarikaya 2002), collagen fibres (Jager

and Fratzl 2000) and bones (Buskirk et al. 2002) have also been studied and used. A

mammalian tooth is an intricately structured and functionally graded composite,

containing both the enamel (outer layer) and the dentin (on the inside) that are

coupled through an interface region called dentin-enamel junction. The enamel is

composed of long crystallites packed as bundles in enamel rods, which are

organised unidirectionally normal to the tooth surface. This results in high hardness

and wear resistance. The dentin is primarily composed of mineralised collagen

fibres that form a randomly intertwined, continuous network. The result is a soft but

highly tough material. Combining the two components (enamel and dentin) gives a

functionally graded composite material with an excellent combination of hardness

(on the contact surface), strength and good fracture toughness (provided by the

tougher inner region). Figure 7.1a shows the schematic of a mammalian tooth. The

ratio between the thickness of the enamel (d) and that of the dentin (R-d) is critical

to realising the desired combination of hardness, strength and toughness. As shown
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Fig. 7.1 (a) The schematic of a mammalian tooth structure showing the two regions, enamel and

dentin, (b) and (c) the relationship between the force generated by jaw mechanics, critical fracture

force and structure of the tooth in terms of the thickness ratio of the enamel to dentin (figures

reproduced from data published by Lee et al. (2010))
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by Lee et al. (2010), there is a correlation between this ratio and the allowable

applied force. The integrated jaw mechanics design ensures that the maximum

force that can be generated by the jaws does not exceed the tooth fracture load,

thereby providing some safety measure.

The critical fracture force is the force required to induce cracks in the structure.

Given that the microstructure composition of the enamel is similar between the

different tooth types, this is fairly constant. However, different tooth structures

allow for different crack lengths before catastrophic failure would occur. From

Fig. 7.1b, c, it can be seen that as the applied load increases (i.e. jaw mechanics

force), so does the (R-d)/d ratio. In other words, where higher loads are expected,

the thickness of the enamel is desired to be a lot smaller than that of the dentin, i.e. a

higher (R-d)/d ratio. This can be related to the critical flaw size concept as proposed

in Griffith’s failure criteria as given by Eq. 7.1:

ac / KIC

σ

� �2

; ð7:1Þ

where ac is the critical flaw size at which catastrophic failure occurs and KIC and σ
are, respectively, the mode I fracture toughness (critical stress intensity factor) and

remotely applied load. This simply states that under given loading conditions, there

exists a critical crack length at which catastrophic failure or fracture would occur.

Assuming a constant value of KIC, the critical flaw size varies inversely with the

applied load. In the case of the tooth structure and the results of the study by Lee

et al. (2010), it can be deduced that the ratio of the enamel thickness to that of the

dentin, i.e. d/(R�d), behaves in a very similar way to the critical flaw size of

Eq. 7.1.

The stiffness and toughness of this composite structure can also be easily

estimated by using the analogue of springs in series. Take the example of two

concentric layers in Fig. 7.2, composed of one inner region (material 1) with elastic

modulus E1 and thickness t1 and outer region (material 2) with modulus E2 and

thickness t1. The respective stiffness of the two regions, k1 and k2, can be deter-

mined as

k1 ¼ E1A

t1
andk2 ¼ E2A

t2
; ð7:2Þ

where A is the unit cross-section area. The equivalent stiffness for springs

connected in series is then given by

keq ¼ 1
1
k1
þ 1

k2

¼ 1
t1
E1A

þ t2
E2A

¼ E1E2A

t1E2 þ t2E1

ð7:3Þ

The equivalent elastic modulus, Eeq, is related to the equivalent stiffness through
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keq ¼ EeqA

t1 þ t2
, thus Eeq ¼ E1E2 t1 þ t2ð Þ

t1E2 þ t2E1

ð7:4Þ

As the thickness of the outer layer, t2, decreases, the stiffness of the composite

approaches that of the inner region and vice versa. Similarly, the equivalent fracture

energy values of a multilayered structure with layers arranged perpendicular to the

direction of crack propagation can be treated as an additive quantity of respective

volume ratios as shown in Eq. 7.5:

Geq ¼ G1t1
t1 þ t2

þ G2t2
t1 þ t2

, andGIC ¼ KIC
2

E
for a perfectly brittle material; ð7:5Þ

where GIC and KIC are the mode I fracture energy and fracture toughness,

respectively.

The structure of the bone is in many aspects different from the tooth and other

natural materials as it is based on controlled porosity and density at several length

scales. The observation that bones never fracture in the vicinity of the natural holes

in them (where blood vessels pass through) is explained by the fact that the

composition of the bone varies around the holes such that it is denser and stronger

wherever the stresses are higher (in the vicinity of the hole) and less dense where it

needs to be more flexible (weight-optimised solution). This again points to how

intelligently biomaterials are designed (i.e. with a very high level of material

efficiency and economy). These structures are also made of basic and relatively

inferior materials such as calcium carbonate. However, the structures are highly

optimised in order to realise properties and performance that is several orders of

magnitude better than their constituents.

Collagen fibres are another natural material that can inspire the design of high-

strength structural components. These fibres are composed of assemblies of parallel

Fig. 7.2 Bi-concentric

layered (functionally

graded) structure
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collagen molecules arranged with a longitudinal stagger. It is thought that this

staggered structure ensures much higher strength than can be realised from strictly

parallel arrangement of collagen molecules or platelets (Jager and Fratzl 2000).

In terms of a natural material that has received a lot of attention over the years

for its extraordinary mechanical performance and damage tolerance, and also

mostly mimicked in material design, the nacre (abalone shell) tops the list. It is

known to exhibit fracture toughness values that are 2–3 orders of magnitude higher

than either of its constituent phases (Karambelasa et al. 2013; Ritchie 2011; Wang

et al. 2000; Shao et al. 2013). This is usually attributed to its carefully arranged

hierarchical multiphase, multilayered and functionalised brick-and-mortar archi-

tecture. The bricks or platelets, which are mineralised aragonite (calcium carbon-

ate), form 95 vol.% of the structure separated by a protein layer (mortar) which

forms the other 5 vol.% (Rabiei et al. 2010; Ritchie 2011; Shao et al. 2013). Despite

this composition, it presents fracture toughness in energy terms of up to 3000 times

higher than that of CaCo3 (Wang et al. 2000). The platelets are closed-packed at a

given layer, but they are staggered through the thickness. This hierarchic design

results in a very high-performing material which easily adapts to different loading

conditions. For example, when the resolved stresses are normal to the platelet plane,

the organic matrix bridge between the platelets keeps them together and prevents

uncontrolled crack growth. If the resolved stresses are shear, then the platelets slide

successively over the organic matrix. This segmented layered structural design

concept (used in nacre) can be used to design strong and yet tough materials for

use in industrial applications such as superhard cutting tools.

The structure exhibits several levels of hierarchy, spanning all the way from

nanoscale (e.g. mineral nanofibres and platelets imbedded within proteins) to

micro- and macro-scales (Bechtle et al. 2010). Fundamentally, the nacre can be

thought of as a brick-and-mortar structure as shown in Fig. 7.3.

The mineralised aragonite and organic biopolymer form the bricks and mortar,

respectively. The bricks are approximately 0.5 um thick and 5–10 um wide (Ritchie

2011). The thickness of the organic layer (‘mortar’) is nanosize in dimensions with

values of 10–45 nm reported in literature (Barthelat 2007, 2010; Barthelat

et al. 2006; Lin and Meyers 2005; Nassif et al. 2005; Song and Bai 2003). The

fracture-toughening mechanisms in the nacre can be assumed to occur at different

length scales and both intrinsic and extrinsic. Intrinsic mechanisms refer to pro-

cesses acting within the process zone ahead of the crack tip. These primarily relate

to plasticity and are associated with making cracking or de-bonding more difficult

by enlarging the plastic zone (Ritchie 2011). On the other hand, extrinsic toughen-

ing mechanisms relate to processes acting during crack propagation at the location

of the crack to inhabit crack growth. These include formation of microcracks

around the crack tip to reduce stress concentration, and crack bridging and friction

interlocking in the wake of crack to induce some sort of crack closure (Ritchie

2011). Extrinsic toughening mechanisms arising from crack blunting, deflection

and bridging at the brick-mortar interfaces have been suggested as the dominant

factors in the high toughness of the nacre (Lin and Meyers 2005; Rabiei et al. 2010;

Ritchie 2011). Crack deflections promote a more torturous crack path which
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increases the resistance to crack growth. Figure 7.4 shows an example of crack

deflection in a shell structure subjected to indentation loads in order to induce and

grow cracks. The aim was to study the crack growth behaviour through the

structure.

The pull-out effect of platelets acts as bridging elements and promotes transfer

of stresses between crack surfaces (Lin and Meyers 2005; Rabiei et al. 2010).

During relative sliding between neighbouring platelets, the organic ligaments are

also thought to provide some bridging effect and transfer stresses (Barthelat and

Fig. 7.3 A schematic representation of the nacre’s microarchitecture (i.e. brick-mortar structure)

Fig. 7.4 Crack deflection in shell (nacre) structure subjected to indentation loading (in order to

generate and propagate cracks in the structure). The work was performed by Dr. L. Westraadt

(Nelson Mandela Metropolitan University, South Africa) on behalf of Element Six Ltd, UK
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Espinosa 2007; Shao et al. 2012). The adhesion between the platelets and the

organic layer is very critical to the toughness of the nacre (Ritchie 2011). If the

neighbouring platelets were strongly bonded together, the resulting toughness

would be very low and close to that of a monolithic structure. A weak adhesion

and lubricating effect provided by the organic layer allows for limited movement

between the platelets. This helps relieve high local stresses and enhance the fracture

toughness of the structure. However, excessive sliding between the platelets would

render the material weak (Ritchie 2011). It is hypothesised that the roughened

surfaces of the mineral platelets provide frictional stops which limit the amount of

sliding (Chaia and Lawn 2004; Karambelasa et al. 2013; Ritchie 2011). In addition,

small mineral ‘bridges’ linking the layers also help control the relative movement of

the platelets.

Research has also shown that the fracture toughness of nacre exhibit a distinct

dependence on the sizes and aspect ratios of platelets (Shao et al. 2012). This is

important if the main toughening mechanism is due to crack bridging of platelets

and their pull-out during the fracture process as suggested by several studies. Shao

et al. (2012) showed that in order to achieve high toughness, the thickness of the

platelets has to be in a certain range, with values of less than one micron proposed.

On the other hand, very thin platelets are likely to break before being pulled out due

to the tensile traction (Shao et al. 2012). A large aspect ratio was also suggested as

beneficial for the improvement of toughness by crack bridging effect. However, it is

extremely difficult to reproduce submicron features found in the nacre in most

structural ceramics, and even more challenging in superhard materials, where the

particle size of the powders used is already greater than a micron. In addition,

having the necessary technology to replicate these structures or features at the same

micro- and nanoscales is also a challenging task. Therefore, there is need to

establish the most important design parameters for biomimicked ceramics between

the size of the features, their aspect ratios, interface properties and stacking pattern.

Effect of the interaction between these parameters is also of paramount importance.

Engineering weak interfaces in materials, either at the microstructure level or

mesoscale, can greatly enhance the damage tolerance and resistance to fracture. The

idea is to promote crack deflection along interface boundaries rather than cracks

propagation through these boundaries. Two possible scenarios exist for a crack

approaching an interface of two materials, i.e. deflect along the interface or

penetrate through it. According to He and Hutchinson (1989), this is governed by

the ratio between the energy required for crack deflection along the interface (Gd)

versus that required for a crack to penetrate through the interface (Gp), given by

Eq. 7.6:

Gd

Gp
¼ 1� β2

1� α

� �
dj j2 þ ej j2 þ 2Re deð Þ

c2
ð7:6Þ

where α and β are Dundurs’ parameters defined in He and Hutchinson (He and

Hutchinson 1989) and c, d and e are complex valued functions of α and β. They
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reported that under given conditions, a critical ratio (Gd/Gp) exists below which

crack deflection along the interface is favoured over crack penetration as illustrated

in Fig. 7.5 (for β¼ 0). This is also confirmed in separate studies looking at crack

propagation through multilayered structures (Carolan et al. 2013b). Gd and Gp can

also be related to the maximum cohesive strength of the interface σintmax and the bulk

σbulkmax , respectively, via cohesive zone model (CZM). Therefore a critical ratio

between σintmax and σbulkmax can also be determined below which crack deflection

would be preferred over penetration.

Understanding this relationship between Gd and Gp is important if one wants to

exploit this crack deflection mechanism in order to develop tough and damage-

tolerant material. This toughening mechanism is also one of the most important in

the nacre (Fig. 7.4). If the layers or ‘bricks’ are strongly bonded, crack penetration

through the interface is more likely to occur than crack deflection. Similar results to

Fig. 7.4 can also be obtained via a numerical analysis of crack growth through a

brick-mortar structure mimicking the nacre. A single-edge notched sample is

loaded in a three-point bend test set-up as shown in Fig. 7.6. The sample size is

36 um long and 8 um wide, with a pre-crack length a¼ 2 um and span S¼ 32 um.

The interface properties are chosen such that crack deflecting and propagation

along the interface is preferred over crack penetration through the interface. This is
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Fig. 7.5 Critical ratio of interface strength versus bulk material strength for crack deflection

versus crack penetration as a function of α (data reproduced from He and Hutchinson (He and

Hutchinson 1989), for α not too different to zero, the critical ratio is approximately 0.25. This

corresponds to a case where the elastic properties are the same either side of an interface. The

critical ratio increases to approximately 0.38 when α¼ 0.33, corresponding to a modulus factor

difference of two across a material interface)
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determined using the analysis proposed by He and Hutchinson (1989) as discussed

earlier. The optimum value of σintmax was found to be one third of σbulkmax. With this

value, crack propagation is predominantly through the interface (mortar). However,

this also depends on other factors such as the thickness of the bricks (tb), aspect ratio

(L/tb) and stacking pattern. The properties of the platelets used are approximated

based on reported literature values for aragonite calcium carbonate, i.e. Young’s
modulus E¼ 70 GPa, cohesive strength σbulkmax ¼ 100 MPa, fracture energy G¼ 0.1 J/

m2, density rho¼ 2830 kg/m3 and Poisson’s ratio¼ 0.1 (Bechtle et al. 2010).

Details of the numerical procedure can be found in Appendix 7.1.

It is shown in these results that the work of fracture is significantly higher when

cracks are forced to deflect along weak interface boundaries rather than propagating

through them (Fig. 7.7).

Structures such as the nacre can be used to inform the design of superhard

materials with greatly enhanced toughness. Such materials would truly revolution-

ise the superhard material market, especially in cutting/machining and drilling

applications. They would offer high reliability, durability and predictable cutting

tool breakdown characteristics. These aspects are currently lacking in traditional

superhard and ultrahard materials such as polycrystalline cubic boron nitride and

diamond.

2.2 Other Ways of Creating Exceptionally Tough Superhard
Materials

Apart from mimicking natural materials, there are also other general methods of

designing superhard materials with superior toughness. Examples of these include

dispersing a tough phase in a superhard material matrix (Khan et al. 2010; Li

et al. 2008a; Oksman and Craig 1998; Roether and Baccaccin 2005; Yun

et al. 2004), engineering controlled defects (Evans et al. 1997; Hutchinson 1989;

Shum and Hutchinson 1990), functionally graded structures (Buskirk et al. 2000;

Baccaccini 2005; Jeong-Ho and Paulino 2002; Mishnaevsky 2005; Munch

et al. 2008), nanostructuring (Li et al. 2008a, b; Tan and Wie 1998), imbedding a

three-dimensionally interpenetrating network of a tough phase inside a brittle

Fig. 7.6 Geometry for numerical modelling of crack propagation through a brick-mortar struc-

ture, mimicking the nacre
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matrix (Lin et al. 2014; Wang et al. 2010; Wanga and Liu 2008) and several other

toughening mechanisms extensively covered in literature. The above mechanisms

are also key features of natural materials as seen in the previous section

(i.e. Sect. 2.1). The general concept of functionally graded structures, apart from

it being a key aspect of biomimicked materials, has been extensively used in order

to design engineering materials with a good combination of toughness and hardness

(or strength). Functionally graded materials are composites in which the volume

fraction of constituent materials varies gradually, usually along the component’s
thickness. The result is a non-uniform microstructure with continuously graded

macro-properties. The ‘layers’ are stacked in a predefined sequence in order to

achieve desired properties, which are usually superior in comparison to monolithic

materials (Mishnaevsky 2005; Munch et al. 2008). Such designs open up several

opportunities for optimising both material and component structures to achieve

high performance and material efficiency (Jeong-Ho and Paulino 2002) and can be

Fig. 7.7 Numerical prediction of crack growth through the brick-mortar structure, showing crack

deflection along weak interfaces (top). The work of fracture is significantly higher in a brick-

mortar structure compared to a monolithic one (bottom). This is mainly due to the structure

providing a more torturous path for crack. Bricks with high aspect ratios may also provide an

interlocking mechanism and contribute to the increasing R-curve behaviour
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adapted to most industrial materials (including the superhard materials) design

relatively easy.

The technique of using layered structures or functionally graded materials is now

widely being used in designing ceramics with enhanced fracture toughness

(Buskirk et al. 2002; Jeong-Ho and Paulino 2002; Mortensen and Suresh 1997).

In many ways and as seen in Sect. 2.1, these designs are inspired by biomaterials

whose extraordinary properties are thought to result from their peculiar microstruc-

tures, i.e. architecture and arrangement and distribution of the microstructural

elements. The emphasis in these functionally graded materials is to achieve an

optimum combination of two or more properties, e.g. hardness and toughness. For

example, Fig. 7.8 shows the results of numerical modelling of crack propagation

through a graded structure consisting of a relatively tougher material (‘blue’,
material A) sandwiched between layers of a less tough one (‘red’, material B).

The properties of material A (red) and material B (blue) are summarised in

Table 7.1. The numerical model employs a cohesive zone model (CZM) approach

with crack growth taking place through the natural process of de-bonding of the

cohesive zone under loading (Carolan et al. 2013b). Details of the numerical

procedure can be found in Appendix 7.1.

It is clear that a graded structure offers more resistance to crack growth as

indicated by the time taken for crack to grow by a similar length under identical

loading conditions compared to a monolithic structure (which is composed of only

material B). In the monolithic structure, it takes the crack 10 microseconds to grow

by 7.5 mm, whereas the time required in a graded structure is 160 microseconds,

representing a 16-fold increase.

A superhard material can also be toughened by dispersing a second phase in its

matrix. This toughening mechanism has already been successfully employed to

improve fracture toughness in brittle ceramics. The process normally involves

adding a tougher dispersed phase to a ceramic matrix. Examples include the

works of Walter et al. (1997), Magniez et al. (2011), Evans (1997), Raj and

Thompson (1994) and Tan and Wie (1998). A tougher second phase network

would absorb energy through plastic deformation and hence retard crack growth

or extension. On the other hand, it was also shown by Evans (1997) and Evans

et al. (1997) that the second dispersed phase does not necessary has to be a ductile

phase. It can be brittle second phase particles which fail in the stress field of a

growing crack, resulting in controlled microfracture. The goodness with using

brittle particles is that the overall hardness of the composite would not be sacrificed

but may even be further enhanced. This would open up possibilities of designing

superhard materials (i.e. diamond and cubic boron nitride composites) with

favourable fracture performance without any deterioration in abrasion resistance.

The dispersed second phase can also be used as localised stress raisers which would

facilitate crack bifurcation and/or multiple crack fronts, resulting in increased

fracture resistance. The concept of toughening by microcracks has been suggested

by a number of researchers (Evans et al. 1997; Hutchinson 1989; Shum and

Hutchinson 1990). The rationale is to minimise the maximum energy release rate

(G) among the various crack tips. Therefore, a material that can generate multiple
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Fig. 7.8 Numerical simulation of crack propagation through a graded structure consisting of a

relatively tougher material (‘blue’, material A) sandwiched between layers of a less tough one

(‘red’, material B) as shown in top images. The graded structure offers better resistance to crack

propagation that a monolithic one

Table 7.1 Material properties of material A and material B, with the former being the tougher of

the two materials

Material property Material A Material B

E 900 MPa 1000 MPa

G 81 J/m2 40 J/m2

σmax 1200 MPa 1600 MPa
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cracks under loading would behave tougher than a material with only one major

crack since multiple crack fronts entail that the net energy supplied to a system has

to be divided up between several cracks, resulting in a much slower rate of crack

growth. The other mechanism that can be facilitated by inducing evenly or ran-

domly distributed/dispersed micro-defects in a material is that it would facilitate

crack bifurcation. The size, shape and distribution of these micro-defects are critical

and would, thus, require to be optimised. Based on this optimisation, it is possible to

improve fracture resistance without significantly compromising the overall strength

and hardness of the material, which is desirable for superhard materials.

In order to fully realise the benefit of using a ‘second dispersed phase’ as a

toughening mechanism, one has to consider several key factors that require opti-

misation. These include the volume fraction of the dispersed phase; the microstruc-

tural parameters of the inclusions such as shape, aspect ratio and size; and the

differences in elastic properties, strength and fracture toughness of the matrix and

inclusions. In addition, the thermal expansion mismatch between the matrix and

inclusions need to be optimised in order to get a favourable residual stress state of

the resulting composite/structure. The properties of the matrix/inclusion interfaces

are also important, i.e. whether one requires that the inclusions are strongly or

weakly bonded to the matrix. The latter may be beneficial in deflecting cracks at the

interfaces between the inclusions and the matrix as discussed earlier in the case of

the nacre (Sect. 2.1).

Apart from the toughening mechanisms discussed above, there are still several

others that can potentially be applied to superhard materials. The most important

aspect is controlling what is happening in the vicinity of a growing crack (con-

trolled microfracture) such as through transformation toughening and crack

shielding (Ritchie 1999). However, to be able to appreciate these mechanisms

and effectively employ them to improve a material’s fracture resistance, one has

to first understand the mechanisms of crack propagation in superhard materials,

which by their nature are intrinsically brittle. The mechanisms of crack growth in

brittle materials are quite distinct from those commonly encountered in ductile

materials such as metals. In the later, crack growth is predominantly due to intrinsic

microstructural damage mechanisms, which promote crack extension ahead of the

crack tip, whereas in brittle materials it is usually controlled by extrinsic crack-tip

shielding mechanisms which act primarily behind the crack tip to retard crack

growth (Ritchie 1988, 1999). Figure 7.9 illustrates the two competing toughening

mechanisms, i.e. extrinsic toughening which is predominant in brittle materials and

intrinsic toughening which dominate fracture in ductile materials.

In ductile materials, intrinsic damage mechanisms typically involve processes

which create microcracks or voids, e.g. by dislocation pile-ups or interface

decohesion, in the highly stressed region ahead of the crack tip, leading to classical

failure by cleavage, intergranular cracking or microvoid coalescence, and may also

involve the repetitive blunting and resharpening of the crack tip in the case of cyclic

loading (Neumann 1969). The creation of several microcracks in a highly stressed

region, which precedes microcrack coalescence, is one of the main reasons for the

high toughness of ductile materials. Extrinsic shielding mechanisms are caused by

the creation of inelastic zones in the crack wake or from physical contact between
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the crack surfaces via wedging, bridging, sliding or combinations of these factors

(Ritchie 1988). The typical example is ‘zone shielding’ such as transformation and

microcrack toughening in ceramics and rocks, where the in situ dilatant phase

transformations or the microcracking of precipitates/particles ahead of the crack

tip can lead to inelastic zones in the crack wake which impart closing tractions on

the crack surfaces (Ritchie 1988). The other example is that of ‘contact shielding’
caused by bridging tractions imposed across a crack by unbroken fibres, laminated

layers or a particulate phase in composite materials, or the wedging of corrosion

debris or fracture surface asperities during crack closure. Its should be noted here

that intrinsic mechanisms are an inherent property of the material and thus are

active irrespective of the length of the crack or the geometry of the test specimen

and control the driving forces (e.g. the stress intensity or mode I, II and III fracture

toughness) responsible for initiating a crack. On the other hand, extrinsic mecha-

nisms act in the crack wake and, hence, are critically dependent on crack size and

responsible for the development of resistance-curve (R-curve) behaviour resulting

in improved fracture resistance (e.g. Evans 1997; Becher 1991). For example,

Evans (1997) demonstrated that more than a fivefold increase in fracture toughness

of zirconia can be achieved by inducing an in situ phase transformation at the crack

tip (transformation toughening) or by causing the in situ microcracking of particles

(microcrack toughening), both processes causing a dilation around the crack tip

which is constrained by surrounding elastic material. There are several literatures

that the reader can consult on toughening mechanisms and how they can be applied

to inherently brittle materials such as the superhard materials discussed in this

chapter.

Extrinsic Toughening

behind crack tip ahead of crack tip

Intrinsic Toughening

grain
bridging

cleavage
fracture

microvoid
coalescence

plastic
zone

fiber
bridging

oxide
wedging

Fig. 7.9 Competition between extrinsic and intrinsic toughening mechanisms, with the former

controlling the fracture process in brittle materials (Ritchie 1999)
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3 Cost-Effective Manufacturing and Processing
of Superhard Materials

The manufacturing and processing of traditional superhard materials, e.g. diamond

and cubic boron nitride, is extremely challenging and expensive. In order to

synthesis these materials, one requires access to extremely high temperatures and

pressures usually in excess of 1400 �C and 5 GPa, respectively. In addition,

processing superhard materials into final formats required by end users using

traditional material removal machining methods is not a trivial task. All these

have an impact on the overall cost of manufacturing superhard materials for cutting

tools. The other challenge is that industry continues to require superhard parts and

cutting tools with complex geometries. Unfortunately, traditional superhard mate-

rial manufacturing technologies lack the ability to compete in a market where

customers require customised complex components. This challenge can be over-

come by additive manufacturing, in particular 3D printing, given the nearly unlim-

ited design freedom that it provides (Faes et al. 2015). In addition, using additive

manufacturing technologies would not only reduce material waste but also a

significant step towards reducing the current costs associated with superhard mate-

rials manufacturing and processing.

3.1 Additive Manufacturing Technologies

As cutting tools and other superhard parts continue to require more intricate

geometries such as chip-breakers, additive manufacturing technologies such as

3D printing or laser sintering will be key enablers to realising this at a favourable

cost. Current methods of preparing such geometries are based on machining already

sintered polycrystalline diamond or cubic boron nitride blanks/blocks either using

laser ablation, electron discharge machining or via mechanical grinding operation.

The ability to form the required final geometry via additive manufacturing is an

appealing concept. However, the biggest challenge is that the sintering or synthesis

of both diamond and cubic boron nitride needs high pressure due to their phase

transformations at higher temperatures required to form sintered bodies (see

Chap. 2 for details). Therefore, the most feasible approach at the moment is forming

near net-shaped green bodies of required geometries via appropriate techniques

such as 3D printing and then subjecting such geometries to the high pressure and

high temperature sintering process. This does not necessarily reduce the high cost

of the HPHT process but having a near net-shaped part reduces the amount of

further processing required. The other thing that 3D printing techniques offer is the

ability to form very intricate shapes which cannot be achieved any other way in a

cost-effective manner. The current printing technologies can now produce parts to

the resolution of few microns.
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Three-dimensional printing is a layer-type additive manufacturing technique

involving the deposition of powdered material in layers and selective binding of

the powder by either ‘inkjet’ printing of a binder material or laser sintering. The

unbound powders are then removed in order to recover the printed part. This

process can be applied to the production of metal, ceramic and metal/ceramic

composite parts. Figure 7.10 shows the schematic of a typical inkjet 3D printer

used for printing ceramic parts.

3D printing provides significant opportunities for additive manufacturing of hard

metals and superhard products. Applications for such may include microwear parts

in electronic applications, mechanical components, complex moulds and dies and

specialist cutting tools with integral coolant channels (Brookes 2015). Other appli-

cations are for printing ceramic and superhard microinjection moulding dies and

moulds for handling superabrasive materials. Several researchers are already using

3D printing to manufacture hard metal parts and coatings. Zhang et al. (2015)

employed 3D printing, which in their study is referred to as ‘Laser Engineered Net

Shaping (LENS™)’, to deposit hard coatings of Ti-Si-N with three different Ti-Si

ratios on commercially pure titanium substrate (Zhang et al. 2015). The coatings

were later analysed and found to show graded microstructures and in situ formed

phases. The hardness of the coatings were found to be favourable but with still a lot

of scope for optimisation. Nevertheless, the possibility to use 3D printing for this

purpose was demonstrated. Other examples include the work of Fu et al. (2013)
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Fig. 7.10 Schematic of the Inkjet 3D printer from http://techrefectory.blogspot.co.uk (author:

Sahil Bansal)
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who fabricated silicon/silicon carbide ceramic composites using 3D printing of

Si/SiC/dextrin powder blends. In this case, the parts (green bodies) had to undergo

further heat treatments before final parts were realised. Companies such as

NanoSteel have been using 3D laser printing/sintering to manufacture high-

hardness ferrous metal matrix composite (MMC) parts using nano-particulate

powders (NanoSteel 2015). The parts are prepared in a single 3D printing step

and do not need to undergo any further processing and are reported to be 99.9%

dense, crack-free and with the wear resistance matching M2 tool steels made via

conventional subtractive manufacturing technology (i.e. casting and machining).

The hardness of these printed parts is about 61.91 HRC (Hardness Rockwell C).

The lack of post-processing is thought to be a significant benefit as it reduces

production costs. Kennametal and Valenite corporations are also looking into the

fabrication of cemented carbide (i.e. tungsten carbide/cobalt) cutting tools using 3D

printing (http://www.mit.edu/~tdp/6.html). In this case, the key opportunity that

additive manufacturing is thought to offer over the current practice of dry pressing

is the several degrees of flexibility (including geometry, in composition and in

response to market demand).

Three-dimensional printing can also be integrated with other manufacturing and

processing technologies. For example, Ahn et al. (2015) developed a novel nano-

scale 3D printing process that integrated nanoparticle printing, micromachining and

focused ion beam technology. An aerodynamically focused nanoparticle (AFN)

printing, which is a room-temperature direct printing technique using shock-

induced aerosol generation, was adopted for material formation, and focused ion

beam was used for profiling the positioned material. In order to assist and bridge

these two processes at different scales, micromachining using tools with diameters

of 30 μm was employed. This integrated process enabled various 2.5D and 3D

structures to be printed using metal/ceramic nanoparticles with no requirement for

any post-treatment (Ahn et al. 2015).

It is clear that the current market trend is pushing towards the use of these

additive technologies in order to reduce material waste/cost, increase responsive-

ness to market needs (especially for customised and complicated 3D shapes) and

eliminate the need for post-processing (i.e. towards a single-step manufacturing

process). Superhard materials and products would greatly benefit from such tech-

nologies given the challenges they present during post-processing steps in order to

make the final geometries required by end users. There is also an increasing market

need for micro-tools with 3D complex geometries which probably would not be

made any other way other than through 3D printing or similar technologies.

Appendix 7.1: Numerical Modelling of Crack Propagation

The numerical model employs a cohesive zone model (CZM) to simulate crack

propagation, using OpenFOAM software (a 3D finite volume Cþþ library).

Fatigue crack growth is also incorporated into the model through the introduction
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of a damage variable, D, into the CZM. Damage accumulates until sufficiently high

to initial a crack or extend an already existing one. Cracks are grown through the

natural process of de-bonding of the cohesive zone under cyclic loading. Decaying

cohesive properties means that energy dissipation under fatigue fracture is less than

the material toughness under monotonic loading. The model had been validated

separately using experimental data before being employed in this analysis.

Numerical Analysis

The Cauchy momentum balance equation for a continuous media, neglecting body

forces and assuming infinitesimal displacements U, can be given by

ρ
∂2

U

∂t2
¼ ∇:σ; ð7:7Þ

where ρ is the density and σ is the Cauchy stress tensor defined by the constitutive

law. In the case of an isothermal multi-material linear elastic model, σ is given by

σ ¼ μ ∇Uþ ∇Uð ÞT
h i

þ λ tr ∇Uð ÞI; ð7:8Þ

where μ and λ are the shear modulus and second lame coefficient, respectively, and

∇ is the gradient operator. The normal and tangential components of the traction

vector t ¼ n:σ can be expressed as shown by [ZT,Alojz] given in Eqs. 7.8 and 7.9:

tn ¼ 2μþ λð Þn:∇U� μþ λð Þn:∇Ut þ λn tr ∇tUtð Þ ð7:9Þ
tt ¼ μn:∇Ut � μ∇tUn ð7:10Þ

where∇t ¼ I� nnð Þ:∇ is the tangential gradient operator and n is the unit normal

vector. The subscripts n and t represent the normal and tangential components of the

vector, respectively. A cohesive zone model (CZM) is employed to predict the

fracture process. This assumes the fracture formation as a gradual phenomenon in

which the separation of the new crack surfaces takes place across an extended crack

tip, or cohesive zone, and is resisted by cohesive tractions as shown in Fig. 7.11

(Carolan et al. 2013b). Crack growth is through the natural process of de-bonding of

the cohesive zone under loading. The numerical procedure allows prediction of

crack propagation along internal control volume faces. When the failure criterion is

satisfied (i.e. tn � σmax mode I and tt � τmax for mode II), these internal faces are

transformed into cohesive zone boundary faces. σmax and τmax represent the max-

imum cohesive strength of the material in tension and shear, respectively. The

traction forces specified at the new boundary faces follow a prescribed traction-

separation law or cohesive zone model.
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The current study employs a linear cohesive zone model. This only requires two

parameters to fully describe the model, i.e. the fracture energy Gc and the maximum

cohesive strength as shown in Fig. 7.5 for mode I and mode II crack, respectively.

Cracks can initiate and propagate under any of the two models, or a mixture thereof,

depending on which condition is satisfied. According to the model, the traction

between cohesive faces decreases with the separation distance between the faces.

Fracture is assumed to have taken place when the critical separation distance is

reached. At this point the cohesive faces become traction-free. Under all scenarios

(i.e. mode I, mode II and mixed mode I & II), both the opening normal tcn and shear
tct cohesive tractions are assumed to decrease at the same rate.

For Mode I

tcn ¼ σmax 1� δ

δC

� �
and tcn ¼ σmax 1� δ

δC

� �
ð7:11Þ

For Mode II

tct ¼ τmax 1� γ

γC

� �
and tcn ¼ σmax 1� γ

γC

� �
ð7:12Þ

where δ and γ, are respectively, the normal and tangential components of the

separation distance and the subscript C denotes the critical values at which cohesive
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Fig. 7.11 Traction-separation relationship in the cohesive zone (Reproduced from (Carolan

et al. 2013b))
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faces become traction-free. In the case of mixed mode I and II crack, the effective

traction teff, effective separation distance δeff and effective maximum cohesive

strength σeffmax are used instead:

teff ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
t2n þ ttj j2

q
� σ eff

max andσ
eff
max ¼

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
σ2max þ τ2max

q
ð7:13Þ

δeff ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
δ2 þ γ2

q
andσ eff

max ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
δ2C þ δ2C

q
ð7:14Þ

The traction between the cohesive faces is then defined by

tcn ¼ t0n 1� δeff
δeff
� �

C

 !
ð7:15Þ

tct ¼ t0t 1� δeff
δeff
� �

C

 !
ð7:16Þ

where t0n and t0t are the initiation tractions in the normal and tangential directions

determined when the condition teff ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
t2n þ ttj j2

q
� σ eff

max is satisfied (Fig. 7.12).

Fatigue Crack Growth

For modelling fatigue crack growth, a damage variable, D, is introduced into the

cohesive zone model (Abdul-Baqi et al. 2005; Arias et al. 2004; Roe and Siegmund

2003; Ural et al. 2009). A crack is initiated or extended when the combination of

accumulated damage and traction satisfies the failure criteria, i.e. tn � σmax 1� Dð Þ

Fig. 7.12 Mode I (left) and Mode II (right) traction-separation laws, linear model
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for mode I. The same applies to mode II and mixed mode. The damage accumulated

during each time step (or loading cycle) ΔD is given by

ΔD ¼ 1� Dð Þm
Δeδ��� ���
δC

t� σth
σmax

� 	
andΔD � 0 ð7:17Þ

where m is a constant which control the decay of the reaction force at the final stage

of damage (Abdul-Baqi et al. 2005), t is the traction at a face (normal traction in

case of mode I fracture), Δeδ is the incremental deformation or loading separation

distance and σth is the material’s fatigue threshold (or fatigue endurance limit). The

condition ΔD � 0 ensures that the accumulated damage is always positive and

either increases or stays the same with successive loading cycles. A zero value of

m indicates that total accumulated damage, D, is not taken into account when

calculating ΔD, and the opposite being true for a non-zero value. The total

accumulated damage (during current time step or current loading cycle), Dtn is,

thus, given by

Dtn ¼ Dtn�1
þ ΔD ð7:18Þ

where Dtn�1
is total damage during the previous time step. The following observa-

tions can be made from the above Eqs. 7.7 to 7.9.

• The crack only initiates or extends if damage, accumulated or current, is greater

than some critical value. Dmax, for a given traction, t.

• The increment in damage is related to the increment in deformation, Δeδ,
weighted by the current traction or load level.

• There exists a fatigue limit, σth, below which cyclic loading can proceed

infinitely without failure. Damage can only accumulate if the current traction

is above this limit.

The modified cohesive parameters, taking into account the accumulated damage,

can thus be defined as for mode I: eσmax ¼ σmax 1� Dmaxð Þ and δC ¼ δC 1� Dmaxð Þ.
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