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et Nanosystèmes Interfaciaux
(PHENIX) UMR 8234

Sorbonne Universités
UPMC Univ. Paris 06

Paris, France

Alain Mauger
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Preface

Energy storage by rechargeable batteries has come to occupy a central stage in the

last couple of decades, because of the ubiquitous availability of internet-based

devices such as laptop computers, smartphones, computing tablets, digital cameras,

and e-book readers.

The importance of batteries has been further augmented because of their use in

power tools and a variety of other portable devices including those used in tele-

medicine and tele-learning and in other needs of instant communication. And

finally, the drive to replace fossil fuel based cars, buses, etc. by hybrid vehicles

and electric vehicles has pushed the crucial role of these batteries to the societal

forefront where the conjuncture of energy and environmental issues is the most vital

concern.

In this context, the research, development, and commercialization of increas-

ingly more efficient and durable batteries of higher energy and power densities have

led to an immense field of intense activity. The number of published papers and

patents is staggering with a concomitant vast industrial activity on a variety of

batteries, especially those based on lithium.

Countless symposia and conferences have been devoted to this field. Also, over

the years, a number of excellent books have been published, mostly edited volumes

containing chapters by leading workers in the field.

Thus, the question arises, why another book on batteries? There are different

reasons: First, a major center of pure and applied research on modern lithium

batteries has formed at Hydro-Québec Research Institute, which employs the

authors of this book: we wish to present the field in terms of our experience and

understanding of this subject. Second, the previous books have been written by

battery scientists; the backgrounds of the present authors, however, permit a look at

this area through different prisms: Christian Julien and Alain Mauger are solid-state

physicists working on the materials aspects of batteries; Ashok Vijh is an interfacial

electrochemist who is new to this field and thus has a different perspective; Karim

Zaghib is trained as a electrochemical engineer and has a vast experience in battery

science and technology. Third, the battery fires experienced not only in ground
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transport but also in air transport give us the proof that the warnings of the scientific

community have not been heard, or have not been taken into consideration by the

commercial car and plane companies in charge of the implementation and the

choice of lithium-ion batteries. The present authors, among others, have discussed

these safety problems in different scientific reviews that obviously were not read by

the engineers in the Procurement department and in charge of the management of

these companies. In this context, we felt useful to focus more attention on the safety

aspects in a book that is also intended to reach a broader audience in the industrial

community than the scientific reviews.

Fourth, important progress in the laboratories has been made in the last 4 years in

the nanotechnology to synthesize porous nanoparticles and/or prepare composites

of nanoparticles with a conductive element such as graphene or carbon nanotubes,

or by nano-painting the particles by a conductive layer. Some of these techniques

are scalable, and we hope that they will permit the development of a new generation

of Li-ion batteries in a very near future. One goal of this book is also to inform the

reader of this advance in research and discuss the scaling aspect.

Finally, we wanted to write a book that emphasizes the materials aspects, both

their bulk and interfacial properties, as distinct from many other aspects of battery

technology. Thus this book reflects our belief that any future progress in the further

study of batteries will be based on the fundamental physicochemical aspects of

battery materials. In this context, it is not out of place to point out here that even in

the past, the major strides in lithium batteries were also based on a fundamental

understanding of the physics and chemistry of battery materials: the supreme

example of this approach is the work of John Goodenough.

Paris, France Christian Julien

Paris, France Alain Mauger

Quebec, Québec, Canada Ashok Vijh

Quebec, Québec, Canada Karim Zaghib

vi Preface



Contents

1 Basic Elements for Energy Storage and Conversion . . . . . . . . . . . . 1

1.1 Energy Storage Ability . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 1

1.2 The Sustained Energy . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 3

1.3 Energy Storage for Nano-electronics . . . . . . . . . . . . . . . . . . . 4

1.4 Energy Storage . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 5

1.5 Brief History of Electrochemical Cells . . . . . . . . . . . . . . . . . . 9

1.5.1 Milestones . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 9

1.5.2 Battery Designs . . . . . . . . . . . . . . . . . . . . . . . . . . . 10

1.6 Key Parameters of Batteries . . . . . . . . . . . . . . . . . . . . . . . . . 11

1.6.1 Basic Parameters . . . . . . . . . . . . . . . . . . . . . . . . . . 12

1.6.2 Cycle Life and Calendar Life . . . . . . . . . . . . . . . . . 16

1.6.3 Energy, Capacity and Power . . . . . . . . . . . . . . . . . . 18

1.7 Electrochemical Systems . . . . . . . . . . . . . . . . . . . . . . . . . . . . 20

1.7.1 Batteries . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 20

1.7.2 Electrochromics and Smart

Windows . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 22

1.7.3 Supercapacitors . . . . . . . . . . . . . . . . . . . . . . . . . . . 24

1.8 Concluding Remarks . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 25

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 25

2 Lithium Batteries . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 29

2.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 29

2.2 Historical Overview . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 30

2.3 Primary Lithium Batteries . . . . . . . . . . . . . . . . . . . . . . . . . . . 33

2.3.1 High Temperature Lithium

Cells . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 34

2.3.2 Solid-State Electrolyte

Lithium Batteries . . . . . . . . . . . . . . . . . . . . . . . . . . 36

2.3.3 Liquid Cathode Lithium Batteries . . . . . . . . . . . . . . 38

2.3.4 Solid Cathode Lithium Batteries . . . . . . . . . . . . . . . 39

vii



2.4 Secondary Lithium Batteries . . . . . . . . . . . . . . . . . . . . . . . . . 45

2.4.1 Lithium-Metal Batteries . . . . . . . . . . . . . . . . . . . . . 46

2.4.2 Lithium-Ion Batteries . . . . . . . . . . . . . . . . . . . . . . . 49

2.4.3 Lithium Polymer Batteries . . . . . . . . . . . . . . . . . . . 56

2.4.4 Lithium-Sulfur Batteries . . . . . . . . . . . . . . . . . . . . . 57

2.5 Economy of Lithium Batteries . . . . . . . . . . . . . . . . . . . . . . . . 59

2.6 Battery Modeling . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 60

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 62

3 Principles of Intercalation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 69

3.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 69

3.2 Intercalation Mechanism . . . . . . . . . . . . . . . . . . . . . . . . . . . . 72

3.3 The Gibbs’ Phase Rule . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 73

3.4 Classification of Intercalation Reactions . . . . . . . . . . . . . . . . . 75

3.4.1 The Perfectly Nonstoichiometric Compounds:

Type-I Electrode . . . . . . . . . . . . . . . . . . . . . . . . . . 75

3.4.2 The Pseudo Two-Phase System:

Type-II Electrode . . . . . . . . . . . . . . . . . . . . . . . . . . 78

3.4.3 The Two-Phase System: Type-III Electrode . . . . . . . 79

3.4.4 The Adjacent Domain: Type-IV Electrode . . . . . . . . 80

3.5 Intercalation in Layered Compounds . . . . . . . . . . . . . . . . . . . 80

3.5.1 Synthesis of ICs . . . . . . . . . . . . . . . . . . . . . . . . . . . 80

3.5.2 Alkali Intercalation into Layered

Compounds . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 81

3.6 Electronic Energy in ICs . . . . . . . . . . . . . . . . . . . . . . . . . . . . 83

3.7 Origin of the High Voltage in ICs . . . . . . . . . . . . . . . . . . . . . 84

3.8 Lithium Battery Cathodes . . . . . . . . . . . . . . . . . . . . . . . . . . . 85

3.9 Conversion Reaction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 88

3.10 Alloying Reaction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 89

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 90

4 Reliability of the Rigid-Band Model in Lithium

Intercalation Compounds . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 93

4.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 93

4.2 Evolution of the Fermi Level . . . . . . . . . . . . . . . . . . . . . . . . . 94

4.3 Electronic Structure of TMDs . . . . . . . . . . . . . . . . . . . . . . . . 96

4.4 Lithium Intercalation in TiS2 . . . . . . . . . . . . . . . . . . . . . . . . . 100

4.5 Lithium Intercalation in TaS2 . . . . . . . . . . . . . . . . . . . . . . . . 104

4.6 Lithium Intercalation in 2H-MoS2 . . . . . . . . . . . . . . . . . . . . . 105

4.7 Lithium Intercalation in WS2 . . . . . . . . . . . . . . . . . . . . . . . . . 110

4.8 Lithium Intercalation in InSe . . . . . . . . . . . . . . . . . . . . . . . . . 112

4.9 Electrochemical Properties of TMCs . . . . . . . . . . . . . . . . . . . 114

4.10 Concluding Remarks . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 115

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 116

viii Contents



5 Cathode Materials with Two-Dimensional Structure . . . . . . . . . . . 119

5.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 119

5.2 Binary Layered Oxides . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 120

5.2.1 MoO3 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 120

5.2.2 V2O5 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 124

5.2.3 LiV3O8 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 126

5.3 Ternary Layered Oxides . . . . . . . . . . . . . . . . . . . . . . . . . . . . 128

5.3.1 LiCoO2 (LCO) . . . . . . . . . . . . . . . . . . . . . . . . . . . . 129

5.3.2 LiNiO2 (LNO) . . . . . . . . . . . . . . . . . . . . . . . . . . . . 132

5.3.3 LiNi1�yCoyO2 (NCO) . . . . . . . . . . . . . . . . . . . . . . . 133

5.3.4 Doped LiCoO2 (d-LCO) . . . . . . . . . . . . . . . . . . . . . 137

5.3.5 LiNi1�y�zCoyAlzO2 (NCA) . . . . . . . . . . . . . . . . . . . 139

5.3.6 LiNi0.5Mn0.5O2 (NMO) . . . . . . . . . . . . . . . . . . . . . . 139

5.3.7 LiNi1�y�zMnyCozO2 (NMC) . . . . . . . . . . . . . . . . . . 140

5.3.8 Li2MnO3 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 144

5.3.9 Li-Rich Layered Compounds (LNMC) . . . . . . . . . . 147

5.3.10 Other Layered Compounds . . . . . . . . . . . . . . . . . . . 149

5.4 Concluding Remarks . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 150

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 152

6 Cathode Materials with Monoatomic Ions
in a Three-Dimensional Framework . . . . . . . . . . . . . . . . . . . . . . . . 163

6.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 163

6.2 Manganese Dioxides . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 165

6.2.1 MnO2 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 165

6.2.2 MnO2-Based Composites . . . . . . . . . . . . . . . . . . . . 166

6.2.3 MnO2 Nanorods . . . . . . . . . . . . . . . . . . . . . . . . . . . 168

6.2.4 Birnessite . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 170

6.3 Lithiated Manganese Dioxides . . . . . . . . . . . . . . . . . . . . . . . . 171

6.3.1 Li0.33MnO2 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 172

6.3.2 Li0.44MnO2 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 173

6.3.3 LiMnO2 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 173

6.3.4 LixNa0.5�xMnO2 . . . . . . . . . . . . . . . . . . . . . . . . . . . 175

6.4 Lithium Manganese Spinels . . . . . . . . . . . . . . . . . . . . . . . . . . 175

6.4.1 LiMn2O4 (LMO) . . . . . . . . . . . . . . . . . . . . . . . . . . 175

6.4.2 Surface Modified LMO . . . . . . . . . . . . . . . . . . . . . . 180

6.4.3 Defect Spinels . . . . . . . . . . . . . . . . . . . . . . . . . . . . 181

6.4.4 Li Doped Spinels . . . . . . . . . . . . . . . . . . . . . . . . . . 182

6.5 Five-Volt Spinels . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 185

6.6 Vanadium Oxides . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 187

6.6.1 V6O13 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 187

6.6.2 LiVO2 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 189

6.6.3 VO2(B) . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 189

6.7 Concluding Remarks . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 190

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 192

Contents ix



7 Polyanionic Compounds as Cathode Materials . . . . . . . . . . . . . . . . 201

7.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 201

7.2 Synthesis Routes . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 204

7.2.1 Solid-State Reaction . . . . . . . . . . . . . . . . . . . . . . . . 204

7.2.2 Sol–Gel Method . . . . . . . . . . . . . . . . . . . . . . . . . . . 205

7.2.3 Hydrothermal Method . . . . . . . . . . . . . . . . . . . . . . 206

7.2.4 Coprecipitation Method . . . . . . . . . . . . . . . . . . . . . 206

7.2.5 Microwave Synthesis . . . . . . . . . . . . . . . . . . . . . . . 207

7.2.6 Polyol and Solvothermal Process . . . . . . . . . . . . . . . 207

7.2.7 Micro-emulsion . . . . . . . . . . . . . . . . . . . . . . . . . . . 208

7.2.8 Spray Technique . . . . . . . . . . . . . . . . . . . . . . . . . . 208

7.2.9 Template Method . . . . . . . . . . . . . . . . . . . . . . . . . . 208

7.2.10 Mechanical Activation . . . . . . . . . . . . . . . . . . . . . . 209

7.3 Crystal Chemistry . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 211

7.3.1 Structure of Olivine Phosphate . . . . . . . . . . . . . . . . 211

7.3.2 The Inductive Effect . . . . . . . . . . . . . . . . . . . . . . . . 214

7.4 Structure and Morphology of Optimized

LiFePO4 Particles . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 215

7.4.1 XRD Patterns of LFP . . . . . . . . . . . . . . . . . . . . . . . 215

7.4.2 Morphology of Optimized LFP . . . . . . . . . . . . . . . . 217

7.4.3 Local Structure, Lattice Dynamics . . . . . . . . . . . . . . 217

7.5 Magnetic and Electronic Features . . . . . . . . . . . . . . . . . . . . . 221

7.5.1 Intrinsic Magnetic Properties . . . . . . . . . . . . . . . . . 221

7.5.2 Effect of the γ-Fe2O3 Impurity . . . . . . . . . . . . . . . . 222

7.5.3 Effect of the Fe2P Impurity . . . . . . . . . . . . . . . . . . . 224

7.5.4 Magnetic Polaron Effects . . . . . . . . . . . . . . . . . . . . 227

7.6 Carbon Coating . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 230

7.6.1 Characterization of the Carbon Layer . . . . . . . . . . . 231

7.6.2 Quality of the Carbon Layer . . . . . . . . . . . . . . . . . . 233

7.7 Effects of Deviation from Stoichiometry . . . . . . . . . . . . . . . . 235

7.8 Aging of LFP Particles Exposed to Water . . . . . . . . . . . . . . . 238

7.8.1 Water-Immersed LFP Particles . . . . . . . . . . . . . . . . 238

7.8.2 Long-Term Water-Exposed LFP Particles . . . . . . . . 240

7.9 Electrochemical Performance of LFP . . . . . . . . . . . . . . . . . . . 241

7.9.1 Cycling Behavior . . . . . . . . . . . . . . . . . . . . . . . . . . 241

7.9.2 Electrochemical Features vs. Temperature . . . . . . . . 242

7.10 LiMnPO4 as a 4-V Cathode . . . . . . . . . . . . . . . . . . . . . . . . . . 245

7.11 Polyanionic High-Voltage Cathodes . . . . . . . . . . . . . . . . . . . . 246

7.11.1 Synthesis of Olivine Materials . . . . . . . . . . . . . . . . 247

7.11.2 LiNiPO4 as 5-V Cathode . . . . . . . . . . . . . . . . . . . . 248

7.11.3 LiCoPO4 as 5-V Cathode . . . . . . . . . . . . . . . . . . . . 248

7.12 NASICON-Like Compounds . . . . . . . . . . . . . . . . . . . . . . . . . 250

7.13 The Silicates Li2MSiO4 (M¼ Fe, Mn, Co) . . . . . . . . . . . . . . . 253

7.14 Summary and Outlook . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 255

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 257

x Contents



8 Fluoro-polyanionic Compounds . . . . . . . . . . . . . . . . . . . . . . . . . . . 269

8.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 269

8.2 Properties of Polyanionic Compounds . . . . . . . . . . . . . . . . . . 270

8.3 Fluorophosphates . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 272

8.3.1 Fluorine-Doped LiFePO4 . . . . . . . . . . . . . . . . . . . . 272

8.3.2 LiVPO4F . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 274

8.3.3 LiMPO4F (M¼ Fe, Ti) . . . . . . . . . . . . . . . . . . . . . . 277

8.3.4 Li2FePO4F (M¼ Fe, Co, Ni) . . . . . . . . . . . . . . . . . . 278

8.3.5 Li2MPO4F (M¼Co, Ni) . . . . . . . . . . . . . . . . . . . . . 279

8.3.6 Na3V2(PO4)2F3 Hybrid-ion Cathode . . . . . . . . . . . . 280

8.3.7 Other Fluorophosphates . . . . . . . . . . . . . . . . . . . . . 282

8.4 Fluorosulfates . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 282

8.4.1 LiFeSO4F . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 284

8.4.2 LiMSO4F (M¼Co, Ni, Mn) . . . . . . . . . . . . . . . . . . 285

8.5 Concluding Remarks . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 286

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 287

9 Disordered Compounds . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 295

9.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 295

9.2 Disordered MoS2 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 297

9.3 Hydrated MoO3 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 300

9.4 MoO3 Thin Films . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 302

9.5 Disordered Vanadium Oxides . . . . . . . . . . . . . . . . . . . . . . . . 309

9.6 LiCoO2 Thin Films . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 312

9.7 Disordered LiMn2O4 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 314

9.8 Disordered LiNiVO4 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 317

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 319

10 Anodes for Li-Ion Batteries . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 323

10.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 323

10.2 Carbon-Based Anodes . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 326

10.2.1 Hard Carbon . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 326

10.2.2 Soft Carbon . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 326

10.2.3 Carbon Nanotubes . . . . . . . . . . . . . . . . . . . . . . . . . 327

10.2.4 Graphene . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 329

10.2.5 Surface-Modified Carbons . . . . . . . . . . . . . . . . . . . 331

10.3 Silicon Anodes . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 332

10.3.1 Si Thin Films . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 334

10.3.2 Si Nanowires (Si Nw) . . . . . . . . . . . . . . . . . . . . . . . 335

10.3.3 Porous Silicon . . . . . . . . . . . . . . . . . . . . . . . . . . . . 337

10.3.4 Porous Nanotubes and Nanowires

vs. Nanoparticles . . . . . . . . . . . . . . . . . . . . . . . . . . 339

10.3.5 Coated Si Nanostructures and Stabilization

of the SEI . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 341

10.4 Germanium . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 344

10.5 Tin and Lead . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 345

Contents xi



10.6 Oxides with Intercalation-Deintercalation Reaction . . . . . . . . . 346

10.6.1 TiO2 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 346

10.6.2 Li4Ti5O12 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 354

10.6.3 Ti-Nb Oxide . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 361

10.7 Oxides Based on Alloying/De-alloying Reaction . . . . . . . . . . 361

10.7.1 Si Oxides . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 361

10.7.2 GeO2 and Germanates . . . . . . . . . . . . . . . . . . . . . . 364

10.7.3 Sn Oxides . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 365

10.8 Anodes Based on Conversion Reaction . . . . . . . . . . . . . . . . . 370

10.8.1 CoO . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 371

10.8.2 NiO . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 373

10.8.3 CuO . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 376

10.8.4 MnO . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 377

10.8.5 Oxides with Spinel Structure . . . . . . . . . . . . . . . . . . 380

10.8.6 Oxides with the Corundum Structure:

M2O3 (M¼ Fe, Cr, Mn) . . . . . . . . . . . . . . . . . . . . . 386

10.8.7 Dioxides . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 389

10.9 Ternary Metal Oxides with Spinel Structure . . . . . . . . . . . . . . 390

10.9.1 Molybdenum Compounds . . . . . . . . . . . . . . . . . . . . 391

10.9.2 Oxide Bronzes . . . . . . . . . . . . . . . . . . . . . . . . . . . . 391

10.9.3 Mn2Mo3O8 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 392

10.10 Anodes Based on Both Alloying

and Conversion Reaction . . . . . . . . . . . . . . . . . . . . . . . . . . . . 393

10.10.1 ZnCo2O4 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 393

10.10.2 ZnFe2O4 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 395

10.11 Concluding Remarks . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 396

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 397

11 Electrolytes and Separators for Lithium Batteries . . . . . . . . . . . . . 431

11.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 431

11.2 Characteristics of an Ideal Electrolyte . . . . . . . . . . . . . . . . . . 432

11.2.1 Electrolyte Components . . . . . . . . . . . . . . . . . . . . . 432

11.2.2 Solvents . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 433

11.2.3 Solutes . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 433

11.2.4 Electrolytes with Ionic Liquids . . . . . . . . . . . . . . . . 435

11.2.5 Polymer Electrolytes . . . . . . . . . . . . . . . . . . . . . . . 437

11.3 Passivation Phenomena at Electrode–Electrolyte

Interfaces in Li Batteries . . . . . . . . . . . . . . . . . . . . . . . . . . . . 440

11.4 Some Problems with the Current Commercial

Electrolyte Systems . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 442

11.4.1 Irreversible Capacity Loss . . . . . . . . . . . . . . . . . . . . 442

11.4.2 Temperature Range . . . . . . . . . . . . . . . . . . . . . . . . 442

11.4.3 Thermal Runaway: Safety and Hazards . . . . . . . . . . 443

11.4.4 Enhanced Ion Transport . . . . . . . . . . . . . . . . . . . . . 443

xii Contents



11.5 Electrolyte Designs . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 443

11.5.1 Control of the SEI . . . . . . . . . . . . . . . . . . . . . . . . . 444

11.5.2 Safety Concerns with Li Salts . . . . . . . . . . . . . . . . . 445

11.5.3 Protection Against Overcharge . . . . . . . . . . . . . . . . 446

11.5.4 Fire Retardants . . . . . . . . . . . . . . . . . . . . . . . . . . . . 447

11.6 The Separators . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 449

11.7 Summary and Conclusions . . . . . . . . . . . . . . . . . . . . . . . . . . 452

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 453

12 Nanotechnology for Energy Storage . . . . . . . . . . . . . . . . . . . . . . . . 461

12.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 461

12.2 Synthesis Methods of Nanomaterials . . . . . . . . . . . . . . . . . . . 463

12.2.1 Wet-Chemical Methods . . . . . . . . . . . . . . . . . . . . . 463

12.2.2 Template Synthesis . . . . . . . . . . . . . . . . . . . . . . . . 469

12.2.3 Spray-Pyrolysis Method . . . . . . . . . . . . . . . . . . . . . 469

12.2.4 Hydrothermal Method . . . . . . . . . . . . . . . . . . . . . . 471

12.2.5 Jet Milling . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 473

12.3 The Disordered Surface Layer . . . . . . . . . . . . . . . . . . . . . . . . 474

12.3.1 General Considerations . . . . . . . . . . . . . . . . . . . . . . 474

12.3.2 DSL of LiFePO4 Nanoparticles . . . . . . . . . . . . . . . . 476

12.3.3 DSL of LiMO2 Layered Compounds . . . . . . . . . . . . 480

12.4 Electrochemical Properties of Nanoparticles . . . . . . . . . . . . . . 482

12.5 Nanoscale Functional Materials . . . . . . . . . . . . . . . . . . . . . . . 483

12.5.1 WO3 Nanocomposites . . . . . . . . . . . . . . . . . . . . . . 483

12.5.2 WO3 Nanorods . . . . . . . . . . . . . . . . . . . . . . . . . . . . 485

12.5.3 WO3 Nanopowders and Nanofilms . . . . . . . . . . . . . 486

12.5.4 Li2MnO3 Rock-Salt Nano-structure . . . . . . . . . . . . . 487

12.5.5 Aluminum Doping Effect in NCA Materials . . . . . . 488

12.5.6 MnO2 Nanorods . . . . . . . . . . . . . . . . . . . . . . . . . . . 489

12.5.7 MnO3 Nanofibers . . . . . . . . . . . . . . . . . . . . . . . . . . 490

12.6 Concluding Remarks . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 491

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 492

13 Experimental Techniques . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 499

13.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 499

13.2 Theory . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 499

13.3 Measurements of Insertion Kinetics . . . . . . . . . . . . . . . . . . . . 501

13.3.1 Electrochemical-Potential

Spectroscopy (EPS) . . . . . . . . . . . . . . . . . . . . . . . . 501

13.3.2 Galvanostatic Intermittent Titration

Technique (GITT) . . . . . . . . . . . . . . . . . . . . . . . . . 504

13.3.3 Electrochemical Impedance Spectroscopy . . . . . . . . 508

13.4 Application: Kinetics in MoO3 Electrode . . . . . . . . . . . . . . . . 509

13.4.1 MoO3 Crystal . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 509

13.4.2 MoO3 Films . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 510

Contents xiii



13.5 Incremental Capacity Analysis (ICA) . . . . . . . . . . . . . . . . . . . 512

13.5.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 512

13.5.2 Incremental Capacity Analysis

of Half Cell . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 514

13.5.3 ICA and DVA of Full Cell . . . . . . . . . . . . . . . . . . . 519

13.6 Transport Measurements in Solids . . . . . . . . . . . . . . . . . . . . . 521

13.6.1 Resistivity Measurements . . . . . . . . . . . . . . . . . . . . 522

13.6.2 Hall Effect . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 522

13.6.3 Van der Pauw Method . . . . . . . . . . . . . . . . . . . . . . 523

13.6.4 Optical Properties . . . . . . . . . . . . . . . . . . . . . . . . . . 525

13.6.5 Ionic Conductivity: Complex Impedance

Technique . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 531

13.7 Magnetism as a Tool in the Solid-State Chemistry

of Cathode Materials . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 534

13.7.1 LiNiO2 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 535

13.7.2 LiNi1�yCoyO2 . . . . . . . . . . . . . . . . . . . . . . . . . . . . 537

13.7.3 Boron-Doped LiCoO2 . . . . . . . . . . . . . . . . . . . . . . . 541

13.7.4 LiNi1/3Mn1/3Co1/3O2 . . . . . . . . . . . . . . . . . . . . . . . . 543

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 545

14 Safety Aspects of Li-Ion Batteries . . . . . . . . . . . . . . . . . . . . . . . . . . 549

14.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 549

14.2 Experiments and Methods . . . . . . . . . . . . . . . . . . . . . . . . . . . 550

14.2.1 Coin Cell Fabrication . . . . . . . . . . . . . . . . . . . . . . . 550

14.2.2 Differential Scanning Calorimetry . . . . . . . . . . . . . . 551

14.2.3 Experiments on Commercial

18650 Cells . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 552

14.3 Safety of LiFePO4-Graphite Cells . . . . . . . . . . . . . . . . . . . . . 554

14.4 Li-Ion Batteries Involving Ionic Liquids . . . . . . . . . . . . . . . . . 565

14.4.1 Graphite Anode against Different

Electrolytes . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 566

14.4.2 LiFePO4 Cathode Against Different

Electrolytes . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 568

14.5 Surface Modification . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 572

14.5.1 Energy Diagram . . . . . . . . . . . . . . . . . . . . . . . . . . . 573

14.5.2 Surface Coating of Layered Electrodes . . . . . . . . . . 574

14.5.3 Surface Modifications of Spinel

Electrodes . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 576

14.6 Concluding Remarks . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 578

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 580

15 Technology of the Li-Ion Batteries . . . . . . . . . . . . . . . . . . . . . . . . . 585

15.1 The Capacity . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 585

15.2 Negative/Positive Capacity Ratio . . . . . . . . . . . . . . . . . . . . . . 586

15.3 Electrode Loading . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 587

xiv Contents



15.4 Degradations . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 588

15.4.1 Damage of the Crystalline Structure . . . . . . . . . . . . 588

15.4.2 Dissolution of the SEI . . . . . . . . . . . . . . . . . . . . . . 588

15.4.3 Migration of Cathode Species . . . . . . . . . . . . . . . . . 589

15.4.4 Corrosion . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 589

15.5 Manufacturing and Packaging . . . . . . . . . . . . . . . . . . . . . . . . 590

15.5.1 Step 1: Preparation of the Active Particles

of the Electrodes . . . . . . . . . . . . . . . . . . . . . . . . . . 590

15.5.2 Step 2: Preparation of the Electrode

Laminates . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 592

15.5.3 Assembly Process . . . . . . . . . . . . . . . . . . . . . . . . . . 597

15.5.4 Formation Process . . . . . . . . . . . . . . . . . . . . . . . . . 598

15.5.5 The Charger . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 599

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 600

Acronyms . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 605

Index . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 609

Contents xv



Chapter 1

Basic Elements for Energy Storage
and Conversion

1.1 Energy Storage Ability

One of the main challenges of the modern society is the so-called energy transition
for reducing the global warming due to the great amount of exhausted carbon

dioxide that will devastate our planet. The energy transition consists in replacing

fossil fuels such as coal, gas, oil and to some extend nuclear energy by alternative

renewable sources of energy that are solar radiation, wind, ocean, biomass, geo-

thermal and hydro-electricity, which are less polluting. Moreover, this green energy
is abundant except hydro-electricity which is limited by the number of available

sites. Photovoltaic cells and wind mills are attracting due to the huge production of

electricity coming from solar radiation conversion that is around one to two billion

kWh, but they are intermittent sources and storage systems are required to satisfy

the consumer demand at any time. Depending on the design of the system, the

battery could supply energy for extended dark or cloudy or windless periods.

Similar problem occurs with the capture of energy from ocean surface waves.

Consequently, the main trend is the growing market not only for small-scale wind

systems, but also for grid connected projects. From 1996 to 2009, the existing world

capacity produced by wind power increased from 5 to 160 GW [1]. In February

2014, the installed wind energy capacity in the EU was 117.3 GW: 110.7 GW

onshore and 6.6 GW offshore with the largest installed capacity (29 %) in Germany

[2]. As society becomes increasingly more dependent on electricity, the develop-

ment of systems capable of storing directly or indirectly this secondary energy form

will be a crucial issue for the twenty-first century. As an example of the fast growth

of electronics, six billion people out of the world’s seven billion have access to

mobile phones, equivalent to more than 85 % of global population [3].

The subject of energy storage is a major development in high technology, which

bears considerable industrial potential. Batteries, which are devices converting the

energy released by spontaneous chemical reactions to electricity work, have some

extraordinary properties in these regards. They store and release electrical energy;

© Springer International Publishing Switzerland 2016
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they are portable and can be used flexibly with a short lead time in manufacture.

Today, the high-tech mobile world including mobile phones, laptops, cameras

depends on lithium-ion batteries with a quantity of five billion units sale in 2013

[4]. From the view point of energy consumption of portable electronics, operating

currents vary from microamps to more than one ampere: cellular phone (200–

800 mA), camcorder (700–1000 mA), notebook (500–1500 mA), video games

(20–200 mA), remote control (10–60 mA), etc.

In this brief introduction, we provide a brief overview on energy storage systems

from the conventional to the update systems before further going into the technol-

ogy. Energy storage (ES) can be obtained through various ways depending on the

stored energy:

– Mechanical, like water stored behind a dam (potential energy) or like high speed

heavy wheel used to start marine engines (kinetic energy).

– Electrical in capacities (voltage is equivalent to potential energy) or in super-

conductive coils provided that high currents (equivalent to kinetic energy) can

be used, which is not the case for high-Tc superconductors, while the limit for

the others is the low temperature of the transition to the normal state.

– Chemical by storing separately two chemical elements like Li and F, or mole-

cules like H2SO4 and H2O able to react when in contact, producing a high value

bonding energy. ES in explosives where the energy is obtained by chemical

reorganization pertains to this class. In all these cases, the process uses some

kind of stored potential energy, and differences in chemical potentials.

– Electrochemical storage is a variant of the chemical one where the stored energy

depends on the difference of bonding energy between two different compounds

of the same element, one used as anode, the other one as a cathode. Classical

example is the lead-acid battery, where the oxidation degree of lead changes

from one electrode to the other one. Now, a new very important component

appears in the form of the electrolyte able to transport the ion that is (SO4)
2�.

Note that in all the electrochemical systems, the flow of ions is always from

anode to cathode for both charge and discharge process. In rechargeable batteries

(as Li-ion cells), there is a confusing meaning when negative and positive elec-

trodes are named anode and cathode either on charge or discharge. They are

respectively the anode and cathode and reverse on charge to discharge and vice

versa. Many battery engineers use this mistaken nomenclature for the electrodes as

a historical artifact of primary (nonrechargeable) batteries which operate only in the

discharge mode.

Two configurations exist for ES systems: In the first case, the chemical compo-

nents are compressed together with a mechanical separator between the electrodes,

and they are able to give only one discharge. Such systems are referred as primary

batteries. In the other case of secondary batteries the system is reversible, as these

cells can be recharged electrically, just as we do pump water at the top of a dam. A

recent strategy is to use the high surface area of nano-structured active particles

assembled in thin layers of charged species of high value capacities. The high

2 1 Basic Elements for Energy Storage and Conversion



surface area is also used to obtain super-capacitances. Several F g�1 are now easily

produced with the constraints due to double-layer formation and potential stability

(remain the earth capacity in space is ~1 F).

1.2 The Sustained Energy

It is well known that the present production on use of energy is responsible for

serious problems to the global environment, particularly in relation to greenhouse

gas emission such as carbon dioxide which provokes climate modification. The

challenge in moving towards global energy sustainability can be assessed by the

trends in the use of fuels for primary energy supplies. Table 1.1 gives statistics

reported by the International Energy Agency (IEA) [5]. The total primary energy

supply in the world, in megatons oil equivalent (Mtoe), was 5096Mtoe in 1998. The

IEA’s forecast of the world demand is 13700 Mtoe in 2020.

The consequence of the big consumption of fossil energy is the global climate

change. The concentration of greenhouse gases (GHG) in the atmosphere (includ-

ing CO2, CH4, O3, N2O, and CFC) has increased very fast since the end of the

nineteenth century. In 2011, the atmospheric concentration of CO2 was 391 ppm

against 278 ppm in 1750. Each year, 5 metric tons of carbon dioxide are added to

the atmosphere for each person in the US but they are not included in the chart to

ensure consistency with the other greenhouse gas figures [6].

Table 1.2 summarized the electricity production in TWh in the world in 2013.

The total energy consumed at all power plants for the generation of electricity was

approximately 4.4� 106 ktoe (1 ktoe—kilo tonne of oil equivalent- is equal to

11630 MWh) [5]. The world’s largest producer of electricity since 2011, China, has

definitely outpaced the USA in 2012 with 4936.5 TWh against 4298.9 TWh.

Chinese production increased by 11.5 % per year from 2002 to 2012, a tripling in

10 years. The thermal generation remains dominant, but renewable energy grew

faster (12.5 % per year), increasing from 17.6 to 19.2 %. China is the world leader

in the production of electricity from renewable sources with 949.2 TWh in 2012, far

ahead of the USA (536.9 TWh) and Brazil (462.2 TWh).

Table 1.1 Total primary energy supply by fuel (in% terms) for the world and forecast (IEA data [5])

Energy supply 1973 1998 2010 2020

Oil 44.9 53.2 38.8 38.3

Coal, biomass, and waste 36.1 24.4 28.4 28.7

Gas 16.3 18.8 23.6 25.2

Nuclear 0.9 1.3 5.8 4.4

Hydroelectric power 1.8 2.1 2.6 2.6

Geothermal, wind, solar, and heat 0.1 0.2 0.7 0.8
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The goal of global energy sustainability implies the replacement of all fossil

fuels (oil, coal, natural gas) by renewable energy sources (geothermal, biomass,

hydrogen, batteries, etc.). The large explosion of systems capable to store energy

may be considered to be due to influences related to economy and connected to

basic problems in industrialized countries from the economical, environmental,

technological, and political points of view. To meet the rapid development of

energy storage devices, extensive researches are currently devoted to develop

power sources, such as lithium-ion batteries (LiBs), supercapacitors (SCs), solar

cells, and fuel cells. These devices require new technologies such as nanotechnol-
ogy for light-weight and even implantable applications [7].

1.3 Energy Storage for Nano-electronics

The performance of devices reached today is the result of intensive research to

reduce the size of the particles to the nanoscale. The use of nanotechnology has

been increasing in modern electronics devices using CMOS semiconductors (Si or

GaAs), which allow very high frequency. As an example, microprocessors today

run at 1 GHz. It is important, however, to specify what “nano” means here. In

electronics, for instance, it signifies particles that are so small the electronic or the

magnetic properties are modified by quantum confinement of the electrons. It

means particles smaller than 10 nm. In the physics and electrochemistry of the

cathode elements of Li-ion batteries, the term is used to signify particles so small

that their properties depend importantly on surface effects. Consider nano-grains of

materials for batteries, typically, the surface layer of a grain is about 3 nm thick, so

that particles are labelled “nano” in the literature if their size is smaller than 100 nm,

and usually in the range 20–100 nm. More sophisticated assemblies combining for

instance such particles with nano-forms of carbon such as graphene are encountered

in the formation of negative electrodes in Chap. 10.

As the power consumption of a CMOS circuit, operating in a switching fashion,

is proportional to the square of its supply voltage, such circuits should operate at the

lowest possible supply voltage to extend the battery life. Meanwhile, electrical

Table 1.2 Electricity production in TWh in the world in 2013

Power source Europe North America OCDE Asia Oceania Chinaa Indiab

Fossil fuels 1661 3232 1462 3889 794

Nuclear 831 899 145 98 131

Hydroelectricity 601 724 135 823 29

Renewables 336 222 41 126 31

Total (TWh) 3429 5077 1783 4936 985

OCDE Asia includes Australia, Japan, Korea, and New Zealand
aYear 2012
bYear 2011
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energy storage is required to power microelectronics, i.e., cell phones and pagers,

stand-by power systems. This context has guided the recent evolution of the

technology. Figure 1.1 shows the evolution of voltage at which the semiconductor

devices operate in a cellular phone. The voltage decrease is related to the thickness

of integrated circuits. This picture demonstrates that the powering voltage could

reach the range 2–3 V for integrated circuit with a thickness of ~0.2 mm. Of course,

this issue led to the design of new batteries for telecommunication devices.

Let us take the case of mobile phones. Most of them today operate on a single

cell Li-ion battery, which has a 4.2 V maximum fully charged voltage. Power

management system (PMS) is needed because the different components require

different voltages: 1.8 V for the digital base band (with a tolerance of �5 %) and

memory, 2.5 V for the analogous base band, 2.8 V for the SIM card and the RF

block. The PMS is also acting as a battery management system (BMS) to control the

battery charging, monitoring and fuel gauging. From the view point of energy

demand of the new generation GSM phone (GSM¼Global System for Mobile

Communications), the total typical current consumption during talk time is

~275 mA, so that 150 min talk time is available using 700-mAh Li-ion battery.

The same device will consume only ~2.25 mA during standby waiting for a call that

corresponds a time of 310 h (~13 days) for the same battery [8].

1.4 Energy Storage

In physics, energy is a scalar physical quantity that describes the amount of work

that can be performed by a force. During a 1961 lecture for undergraduate students

at the California Institute of Technology, Professor Feynman said this about the

concept of energy: “There is a fact, or if you wish, a law, governing natural

phenomena that are known to date. There is no known exception to this law; it is

exact, so far we know. The law is called conservation of energy; it states that there

Fig. 1.1 The evolution of

the voltage (in volt) at

which the semiconductor

devices operate in a cellular

phone
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is a certain quantity, which we call energy that does not change in manifold changes

which nature undergoes. That is a most abstract idea, because it is a mathematical

principle; it says that there is a numerical quantity, which does not change when

something happens. It is not a description of a mechanism, or anything concrete; it

is just a strange fact that we can calculate some number, and when we finish

watching nature go through her tricks and calculate the number again, it is the

same” [9].

Excepted geothermal, there are two forms of energy, both of them originating

from solar energy: the ancient storage energy, fossil energy, which has been

produced during many millions of years and the on-time energy that could be

trapped by photovoltaic or wing systems as listed in Table 1.3.

Historically, energy has been stored by containment of raw fuel that is satisfac-

tory for the transportation sector since petroleum; fuel and liquefied gas are portable

and readily converted into the desired result: motion. In the electric sector, the

necessity to supply energy on demand, which fluctuates weekly and daily, has

been accomplished by using different classes of generators in nuclear reactor or

firing coal, fuel, gas, biomass. The high cost and limited reserves of oil are forcing a

reconsideration of these approaches. Figure 1.2 shows the discharge time vs. energy

stored for various energy storage technologies including flywheel, batteries, com-

pressed air, pumped water, hydrogen and gas storage. The use of pumped-hydro is

the traditional large scale way to store electricity via gravimetric energy. Both

flywheel and batteries are systems capable to deliver the storage energy in few

seconds. For instance it has been recently demonstrated that Li-ion batteries includ-

ing lithium-iron phosphate as positive electrode and lithium titanate as negative

electrode can be cycled over 30000 cycles for faster charge rate at 15C (4 min),

and the discharge rate at 5C (12 min) [10]. In practice, it means that a battery made

with such cells to power an electric car (EV) will be guaranteed for the life of the

Table 1.3 Classification of energy storage methods

Chemical

ΔG ¼ ΔH � TΔS
Hydrogen

Biofuels

Liquid nitrogen

Oxyhydrogen

Hydrogen peroxide

Biological

Starch

Glycogen

Electrochemical

Batteries

Flow batteries

Fuel cells

Electrical

E p,e ¼ 1
4πεo

Q1Q2

r

Batteries

Supercapacitor

Superconducting magnetic

energy storage

Mechanical

E p ¼ �
ð
FdS

Compressed air

Flywheel

Hydraulic accumulator

Hydroelectric

Spring

Thermal

Δq ¼
ð
CvdT

Ice storage

Molten salt

Cryogenic liquid air

Seasonal thermal store

Solar pond

Steam accumulator

Fireless locomotive
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car, a performance that is expected to boost this market. Note that most of the energy

storage systems involve the power-to-gas technology that converts electrical power

to gas fuel, including natural and synthetic gas and hydrogen. As shown in Fig. 1.2,

time of discharge is very long, which implies the need of grid balancing. Regarding

the energy stored requested by consumers, 2 W is needed for cellular phone, while

20–30 W for laptop and 20 kW for electric cars.

Energy storage media are systems storing some form of energy that can be drawn

upon at a later time to perform some useful operation. A device that stores energy is

sometimes called an accumulator. All forms of energy are either potential energy

(e.g., chemical, gravitational or electrical energy) or kinetic energy (e.g., thermal

energy). A wind up clock stores potential energy (in this case mechanical, in the

spring tension), a battery stores readily convertible chemical energy to keep a clock

chip in a computer running (electrically) even when the computer is turned off, and

a hydroelectric dam stores power in a reservoir as gravitational potential energy. Ice

storage tanks store ice (thermal energy) at night to meet peak demand for cooling.

Fossil cells such as coal and gasoline store ancient energy from sunlight. Even food

(which is made by the same process as was fossil fuel) is a form of energy stored in

chemical form.

Several aspects must be considered for a comparison of energy sources that

generate electricity. The first one is the quantity of carbon dioxide equivalent/kWh

rejected by energy sources. Figure 1.3 shows the relationship between the

CO2 production and the reaction (response time) for a number of electric power

suppliers [11]. It is evident that the response time of nuclear plant (48 h) is bigger

than hydro-electric dam or renewable systems such as wind mill and photovoltaic

(few seconds). In the middle are the electric power stations using coal, oil or gas.

The second aspect is the gravimetric energy density that is stored (Fig. 1.4a). Let

us consider the specific energy available for hydrogen (105 Wh kg�1) and gasoline

Fig. 1.2 Discharge time vs. energy stored for various energy storage technologies
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(104 Wh kg�1). They provide the largest energy density compared to electrochem-

ical cells (~103 Wh kg�1), but if a lithium-ion battery is operating for 1000 cycles,

we get a total stored energy of ~106 Wh kg�1 with the same quantity of matter, so

that the lithium-ion battery is winning against fossil energies. The third aspect is the

volumetric energy density (in Wh dm�3), but the situation is more complex because

of the difficulties to store gas and hydrogen by either compression at 200 bar that

requires heavy cylinders or by liquefaction that requires cryogenic tanks. Thus, for

such a parameter, gasoline is the best source of energy (Fig. 1.4b).

From the foregoing discussion, Birk [12] has suggested three objectives for storage

energy, namely: (1) meet discrepancies that can exist between the supplier and the

consumer and meet the fluctuating demands for power (it will be the subject of

Chap. 19), (2) provide for a more versatile source of energy than can be achieved

with the conversion of raw fuels, and (3) change the relative use of thevarious raw fuels.

Fig. 1.3 Relationship between the CO2 production and the time reaction for electric power

suppliers

Fig. 1.4 Comparison of various sources of energy (a) gravimetric energy density and (b)
volumetric energy density
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1.5 Brief History of Electrochemical Cells

1.5.1 Milestones

Some milestones in electrochemical systems are listed in Tables 1.4 and 1.5

[13, 14]. The history of batteries run from the invention of Alessendro Volta cell

in 1800 to the commercialization of Li-ion battery in 1992, via the well-known

Leclanché cell, lead-acid battery, nickel-cadmium accumulator and numerous other

systems. Generally, the electrochemical cells are classified into two broad

categories:

Table 1.4 Primary battery developments

Date Inventor Cell design

1000 BC Baghdad cell Jar containing an iron rod surrounded by a copper cylinder

1782 Volta Stack of zinc and silver disks

1813 Davy First public demonstration of electric lighting

1836 Daniell Zn/ZnSO4/CuSO4/Cu

1839 Grove Nitric acid battery

1866 G. Leclanché Zinc/manganese dioxide cell

1878 Zinc air cell Zn/NaOH/O2

1945 Ruben and Mallory Mercury button-type cell

1949 Lew Urry Alkaline dry cell commercialized by Eveready Batteries Co.

1961 Silver-zinc cell Zn/KOH/Ag2O

1970–

1980

Lithium-iodine Li/Li/I2 developed for pace-maker

Coin cell Li/aprotic electrolyte/MnO2

Li soluble cathode Li/SOCl2

Table 1.5 Secondary battery developments

Date Inventor Cell design

1859 Planté PbO2/dilute H2SO4/Pb

1899 Waldemar Jungner Nickel-cadmium cell Ni/2NiOOH/Cd

1905 Edison Nickel-iron cell Ni/2NiOOH/Fe

1949 Lew Urry Alkaline dry cell commercialized by Eveready Batteries Co.

1959 Francis Bacon First practical fuel cell using Ni electrodes

1960s Volkswagen Nickel-metal hydride cell with LaNi5 or ZrNi

hydrogen sponges

1965 Ford Beta cell Na/β-Al2O3/S

1980s Li polymer Li/PEO-LiClO4/Ic (Ic¼V6O13, TiS2, V2O5)
a

Microbattery Li/Li+ fast ion conductor/TiS2

1990s Sony Corp. Lithium-ion cell based on graphite/LiCoO2 electrodes
aIc insertion compound
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– Primary cells irreversibly (within limits of practicality) transform chemical

energy to electrical energy. When the initial supply of reactants is exhausted,

energy cannot be readily restored to the electrochemical cell by electrical means.

– Secondary cells can be recharged that is, they can have their chemical reactions

reversed by supplying electrical energy to the cell, restoring their original

composition.

1.5.2 Battery Designs

Interestingly, researches are still carried on to attain maximum performance and

reliability in Leclanché cell [15]. At present, a cell includes several elements for

safety because gases are evolved from the manganese dioxide oxidation of the

hydrolyzed products formed by the gel (Fig. 1.5). For example, engineers at

Rayovac Co. patented a new separator that comprises a Kraft paper separator and

a corrosion-inhibiting coating thereupon selected to prevent corrosion of a zinc

anode of the Leclanché cell [16].

Batteries design can be compared in view of the three main components; the

electrode A, the electrolyte, and the electrode B. A possible battery classification

can be deduced from the nature of these components: liquid, soft or solid. This is the

figure of the Rubik’s cube shown in Fig. 1.6 [13]. All these media can be liquid,

plastic (soft) or solid. This is crucial because certain interfaces are difficult to

handle. Common batteries have a solid–liquid–solid configuration; the liquid–

solid–liquid system corresponds to the Na-S battery using β-alumina as the elec-

trolyte, which permits relatively easy manufacture. On the other side, the all-solid

Fig. 1.5 Cross-sectional view of a round Leclanché cell (http://sciencescollege3eme.blogspot.fr/

2008/12/histoire-de-pile.htm)
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system involves difficult interface problems with crucial dimensional stability at

each interface. These difficulties can be solved by using a polymer film as a plastic

electrolyte; also, polyethylene oxide (PEO) membranes are the key to Li metal-

polymer batteries such as those commercialized by Batscap [17]. Micro-solid state

batteries built by successive deposition of thin films partly avoid the interface

contact difficulty and can be used as power sources associated to microelectronics

[18]. Ultrathin-film solid-state lithium batteries have been fabricated using a thin

solid polymer electrolyte membrane prepared by complexion of a plasma polymer

and lithium perchlorate [19].

1.6 Key Parameters of Batteries

Battery’s users request several high-grades that are long life, high energy density,

deep cycle, quick charge and others. With regard to the battery operation, there are

several important parameters which are required by consumers: (1) gravimetric

specific energy in (Wh g�1), (2) volumetric capacity in (Ah cm�3), (3) rate capa-

bility, (4) cyclability (life shelf), and (5) self-discharge. These quantities are fixed

by the electrochemical characteristics of the active elements: positive (cathode) and
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Fig. 1.6 Rubik’s cube showing the association of the three components in the solid, soft, and

liquid state of electrochemical cells. Reproduced with permission from [13]. Copyright 1994

Wiley
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negative (anode) electrodes. Note that in rechargeable batteries the word cathode is

not appropriate in terms of electrochemistry because the positive electrode is

cathode on discharge and anode on charge, and so forth. A necessary condition in

selecting materials for use in batteries is their ability for redox properties, i.e.,

reduction–oxidation reaction, which is more or less the case of almost every

inorganic compound in appropriate electrolytes. In addition, one has to select the

materials according to key parameters that condition the properties we have listed.

1.6.1 Basic Parameters

Let us discuss the parameters that govern the design of electrochemical power

sources. The electrochemical potential, sometimes abbreviated to ECP, is a ther-

modynamic measure that combines the concepts of energy stored in the form of

chemical potential and electrostatics. It is common in both solid-state physics and

electrochemistry to discuss the chemical potential and electrochemical potential of

an electron. In an electrochemical cell, the chemical reactions take place at the sites

of electrodes represented by the generalized relations [20]:

aAþ ne Æ bB; ð1:1Þ
cC� neÆ dD; ð1:2Þ

aAþ cC Æ bBþ dD; ð1:3Þ

where a molecules of A take up n electrons e� to form b molecules of B at one

electrode and similarly to the second. Eqs (1.1) and (1.2) express the reduction and

oxidation reaction, respectively, and Eq. (1.3) is the overall reaction in the cell

given by addition of the two half-cell reaction. The change in the standard free

energy, ΔG0, of this reaction is:

ΔG0 ¼ �nFE0; ð1:4Þ

where F is Faraday’s constant (F¼ eNA¼ 96485 C mol�1) and E0 is the standard

electromotive force (emf) When conditions are other than in the standard state, the

potential Voc of the cell is given by the Nernst equation:

Voc ¼ E0 � RT

nF
ln
μ i
Bμ

i
D

μ i
Aμ

i
C

; ð1:5Þ

where μi is the activity of relevant species, R the gas constant (8.314 JK�1 mol�1),

and T the absolute temperature.
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In the case of two electrodes with a semiconducting character, the operating
voltage of a cell is limited by the open-circuit voltage, Voc, which is the potential

difference across terminals of the battery when no current is being drawn:

Voc ¼ � 1

nF
μ i
A � μ i

C

� �
; ð1:6Þ

where μ i
A � μ i

C

� �
is the difference in the chemical potential of the anode (A) and the

cathode (C), n is the number of electronic charge involved in the chemical reaction

of the cell. The nominal voltage is determined by the energies involved in both

electronic and ionic transfer. It is the work function that determines the energy for

electron transfer, while the crystallographic structure determines the energy for the

transfer of ions. Thus both the electronic band structure and the barrier height for

ion motion should be considered. The magnitude of the open-circuit voltage is

constrained to Voc<5 V not only by the attainable difference μA� μC of the

electrochemical potentials of the anode reductant and the cathode oxidant, but

also by either the energy gap Eg between the HOMO (highest occupied molecular

orbital) and the LUMO (lowest unoccupied molecular orbital) of a liquid electro-

lyte, or by the energy gap Eg between the top of the valence band and the bottom of

the conduction band of a solid electrolyte [21].

The energy density is a common measure in evaluating battery systems. Specific

energy stored (in Wh kg�1) in a battery is measured by discharging a battery at an

appropriate current:

E pr ¼ VocQdis; ð1:7Þ

where Voc is the operating potential in volt (V) obtained from the energy change for

the cell reaction andQth is the specific capacity in ampere-hour per mass (Ah kg�1),

or equivalently in mAh g�1. Its theoretical value is obtained from the Faraday’law:

Qth ¼
1000� nF

3600�Mw

¼ 26:8

Mw

� n; ð1:8Þ

where Mw is the molecular mass of the “limiting” electrode material. As an

example, let consider the case of lithium insertion process into the vanadium

oxide lattice (Mw¼ 542 g mol�1) that can reversibly accommodate 4Li+ ions per

formula unit at an experimental mid-discharge potential 2.4 V vs. Li0/Li+ at C/3 rate
according the reaction:

4Liþ þ 4e� þ V6O13 Æ Li4V6O13: ð1:9Þ

According to Eq. (1.9), the theoretical specific capacity is 197.8 mAh g�1 and the

theoretical energy density of 475 Wh kg�1.
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The theoretical energy of the battery depends on the capacity of the material and

average potential of each electrode material:

Ebatt ¼ 1

Qþ � 1

Q�

� ��1

Eþ � E�ð Þ; ð1:10Þ

where Q+ and Q� are the capacity of the active materials of the positive and

negative electrodes in the battery, respectively.

The C-rate is a parameter used to express the discharge (charge) current in order

to normalize the data against the capacity that depends on the battery. A C-rate is a
measure of the rate at which a battery is discharged relative to its maximum

capacity. A charge at nC rate means a full charge in a time 1/n hours [22]. For

instance, a 1C rate means that the discharge current will discharge the entire battery

in 1 h. For a battery with a capacity of 50 Ah, this equates to a discharge current of

50 A. At C/2 rate would be 25 A.

The power output Pout of a battery is the product of the electric current Idis
delivered by the discharging battery and the voltage Vdis across the negative and

positive external contacts:

Pout ¼ IdisVdis: ð1:11Þ

The voltage Vdis is reduced from its open-circuit value Voc (Idis¼ 0) by the voltage

drop IdisRb due to the internal resistance Rb of the battery and the polarization losses
occur at each electrode and result in a decreased cell potential during discharge

(Vdis) and an increased cell potential on charge (Vch) that are expressed by:

Vdis ¼ Voc � IdisRb; ð1:12Þ
Vch ¼ Voc þ IchRb; ð1:13Þ

which have the form of Ohm’s law. In addition the Joule heating effect of the I2Rb

losses in the internal resistance of the cell will rise the temperature. It follows from

Eqs. (1.11) and (1.13) that realization of a high maximum power Pmax requires, in

addition to as high aVoc as possible, a low internal battery resistanceRb expressed by:

Pmax ¼ ImaxVmax; ð1:14Þ
Rb ¼ Re1 þ Rin Að Þ þ Rin Cð Þ þ Rc Að Þ þ Rc Cð Þ; ð1:15Þ

where Rin(A), Rin(C) are the resistances to transport of the working ion across the

electrolyte–electrode interface and Rc(A), Rc(C) are the intrinsic resistance of

electrodes. The electrolyte resistance Re1 to the ionic current is proportional to

the ratio of the effective thickness L to the geometrical area A of the inter-electrode

space that is filled with an electrolyte of ionic conductivity σi as:

Rel ¼ L

Aσi
: ð1:16Þ
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The resistance to transport of the working ion across the electrolyte–electrode

interfaces is proportional to the ratio of the geometrical and interfacial areas at each

electrode:

Rin � A=Ain: ð1:17Þ

Since the chemical reaction of the cell involves ionic transport across an interface,

Eq. (1.17) dictates the construction of a porous, small-particle electrode. Achieve-

ment and retention of a high electrode capacity, i.e., use of a high fraction of the

electrode material in the reversible reaction, requires the achievement and retention

of good electronic contact between particles as well as a large particle–electrolyte

interface area over many discharge–charge cycles. If the reversible reaction

involves a first-order phase change, the particles may fracture or lose contact with

one another upon cycling, breaking a continuous electronic pathway to the current

collector.

The battery voltage Vdis vs. the discharge current Idis delivered across a load is

called the polarization curve. The voltage drop (Voc�V )¼ η(I) of a typical curve
(Fig. 1.7) is a measure of the battery resistance:

Rb Ið Þ ¼ η Ið Þ=I: ð1:18Þ

On charging, η(Ich)¼ (Vch�Voc) is referred to as an overvoltage. The interfacial

voltage drops saturate in region (I) of Fig. 1.7; therefore in region (II) the slope of

the curve is:

dV=dI � Re1 þ Rc Að Þ þ Rc Cð Þ ð1:19Þ

Region (III) is diffusion-limited; at the higher currents, normal processes do not

bring ions to or remove them from the electrode–electrolyte interfaces rapidly

enough to sustain an equilibrium reaction. The battery voltage V vs. the state of

charge, or the time during which a constant current I has been delivered, is called a

discharge curve.

Fig. 1.7 Typical

polarization curve for the

battery voltage V vs. the

I delivered across a load.

The voltage drop

(Voc�V )¼ η(I ) of a typical
curve is a measure of the

battery resistance Rb(I )
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The state-of-charge (SOC) of a battery is the fraction (in %) of available charge

capacity to the total capacity of the battery:

SOC ¼ 100%� Qe

Q0

; ð1:20Þ

where Qe is the battery charge and Q0 the nominal battery capacity (in Ah). The

SOC of a battery is the main parameter because the user needs to know the

remaining available energy before the next charge. The knowledge of SOC is

very challenging; that requires battery modelling [23, 24].

The self-discharge rate (SDR) is the percentage of capacity that a battery loses in
open-circuit conditions. From usual terms, the SDR is estimated from the lost

discharge capacity after 2 days storage in normal conditions to the maximum cell

capacity as:

SDR %ð Þ ¼ Qmax � Qret

Qmax

� 100%; ð1:21Þ

where Qmax is the maximum discharge capacity at a discharge current density C/n
and Qret the retained capacity at a discharge C/n rate. As an example, experimental

profiles of charge–discharge for a Li//LiNi1/3Mn1/3Co1/3O2 cell operating at various

C-rate are illustrated in Fig. 1.8.

1.6.2 Cycle Life and Calendar Life

Usually, the aging of the battery performance has two origins: (1) the cycle fade and
(2) the calendar fade that is the elapsed time before the battery is not usable at all.

An increase in the temperature whether the battery is in active use or not and an

increase of the SOC severely affect the degree of degradation. The net result is an

increase of the internal resistance and capacity loss L(t), which can be expressed by
an empirical law as [25]:

L tð Þ ¼ A
ffiffi
t

p
; ð1:22Þ

where A is a constant. Electrochemical impedance spectroscopy (EIS) is a powerful

tool to determine the interfacial resistance of a cell as a function of temperature,

state-of-charge (SOC) and cycle number [26]. Equation (1.22) yields the formation

of the passivation film at the electrode surface. The solvent diffusion model

presented by Ploehn et al. [25] predicts, in all cases, passivation films growing to

several tens of nanometers in thickness over time periods in excess of 1 year under

float potential conditions (the float potential is the voltage at which a battery is

maintained after being fully charged to maintain its capacity by compensating for
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self-discharge). Figure 1.9 illustrates the time evolution of the capacity fade for a

prismatic prototype cell LiCoO2//synthetic graphite stored a float potential of 3.8 V.

The cycle life corresponds to the number of charge–discharge processes a battery

can fulfill before its nominal capacity falls below 80 %. The relationship between

cycle life and depth-of-discharge (DOD) appears to be logarithmic. The shelf life is
the time spent before a battery is out of use during storage. Wright et al. [27]

presented the tests and analysis of the capacity fade resulting from the cycle life

experiments at 25 and 45 �C for 18650-sized Li-ion batteries including

LiNi0.8Co0.15Al0.05O2 cathode materials. The number of test cycles for up to

44 weeks were 369000 cycles at 1C and C/25 discharge rate. Broussely et al. [26]

Fig. 1.8 Discharge curves

foraLi//LiNi1/3Mn1/3Co1/3O2

cell operating at various

C-rates

Fig. 1.9 Capacity fade of a

prismatic LiCoO2//synthetic

graphite cell with 1 mol L�1

LiPF6 in solvent EC:DEC:

DMC as electrolyte. The

cell was stored at different

temperatures in the range

15–60 �C at float potential

of 3.8 V. Reproduced with

permission from [25].

Copyright 2004 The

Electrochemical Society
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studied the long-term calendar life of Li-ion cells containing either LiCoO2 or

LiNiyMn1� yO2 cathodes tested in the temperature range 15–60 �C.
The coulombic efficiency, CE in %, is the ratio between the discharge capacity

and the charge capacity for each cycle:

CE %ð Þ ¼ Qdisch

Qch

� 100%; ð1:23Þ

thus the rate of capacity loss is inverse proportional to the duration of the test, tts,
given by:

ψ ¼ 1� CE

tts
; ð1:24Þ

The rate of capacity loss is representative of numerous effects such as the growth of

the solid electrolyte interphase (SEI) layer, the aging of the crystallographic

structure of electrode materials, impurities dissolved in the electrolyte, unwanted

chemical reactions, side effects, and generation of other compounds.

1.6.3 Energy, Capacity and Power

1.6.3.1 Modified Peukert Plot

How long does a battery last? The problem with quantifying the stored specific

capacity is its discharge rate dependence. The faster the discharge C-rate, the lower
remaining capacity, so a battery rated for 120 Ah actually provides a lower capacity

when drained at rate higher than C/20 that is the typical rate for a lead acid battery

(PbBat). The lithium-nanophosphate (Li-nP) chemistry exhibits this effect to a

much lesser extent. These two batteries are equivalent at rate C/20. At faster rate,
however, the Li-nP battery demonstrates higher capacities than PbBats. A Li-nP

battery rated at 120 Ah will deliver 114 Ah when discharge at 1C rate, or 95 % of

the rated capacity; in similar conditions a PbBat provides only 88 Ah [28]. Thus,

calculating the discharge of a 120-Ah battery will run 12 h under a 10 A load is a

false notion of order. This phenomenon can be considered using the Peukert’s law

(from the name of the German engineer who tested lead acid batteries), which is

the simplest model for predicting battery lifetimes taking into account part of the

nonlinear properties of the battery. The modified Peukert formula figures the

discharge current In (in A) into the relation [29]:

I kn t ¼ Γ; ð1:25Þ

where t is the maximum discharge time (in A), k is the Peukert exponent that is

different from a battery to another one and Γ is a constant. From the derivation of
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the Eq. (1.21), the available capacity Qm at different discharge rate Im1 is expressed
by [29]:

Qm ¼ Qn

In
Im

� �k�1

: ð1:26Þ

The total discharge time will bem hours. For flooded lead acid batteries it ranges

as 1.2�k�1.6, while Ni-MH batteries have a smaller value of k, and that of Li-ion

batteries is even better. The Peukert exponent is generally affected by several factors,

among them the temperature and the age of the battery. Figure 1.10 shows the

modified Peukert plot for Li cells including LiNi1/3Mn1/3Co1/3O2 (NMC) electrode

materials synthesized by different routes. The tests were carried out after five cycles

under the same conditions. The Peukert analysis evidences the difference between

the powders synthesized using the conventional wet-chemistry assisted by oxalic

acid, which results in a material with 3.2 % cationic disorder (fraction of Ni2+ on the

3b Li sites), and the two-step oxalate method for which Ni2+ (3b)¼ 2.6 %. It is

obvious that the lower cationic disorder improves the capacity retention: even at the

high rate of 10C, the capacity reversible capacity was 83 mAh g�1, which is 50 % of

the initial discharge capacity [30].

1.6.3.2 Ragone Figure

The Ragone concept is based on the equivalent circuit of an electrical storage

system connected to a load or a generator. The battery can be modeled by a pure

power source of uniform potential Voc in series with the internal resistance, Rs,

generating ohmic losses when the current i draws the load represented by the

resistance RL so that the potential across the load is given by the basic Ohm’s law:

Fig. 1.10 Modified Peukert

plots of the Li//LiNi1/3Mn1/3
Co1/3O2 cells using solution

1 mol L�1 LiPF6 in

EC-DEC as electrolyte.

Cells were cycled between

2.5 and 4.5 V vs. Li0/Li+.

Cathode materials were

synthesized by (a) the
conventional wet-chemical

method assisted by oxalic

acid and (b) the two-step
oxalate route. Reproduced

with permission from [30].

Copyright 2012 Springer
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Vdis ¼ RLi: ð1:27Þ

Combining Eqs. (1.12) and (1.27), the cell voltage is given by:

Voc ¼ VL 1þ RS

RL

� �
: ð1:28Þ

We can distinguish different energy terms: the energy WL that is supplied to the

load and the energy Ws that is dissipated in heat by the internal resistance [31, 32].

Currently, Ragone chart is plotted with log-log scales of the available specific

energy (in Wh kg�1) against specific power (in W kg�1). Volumetric quantities

are also considered in the case of electrochemical capacitors [33]. Figure 1.11

illustrates the Ragone plots of various electrochemical energy-storage devices

[34]. It is shown that capacitors have higher specific power but modest specific

energy compared to batteries. In terms of transportation, capacitors offer good

acceleration but poor range; it is opposite for batteries [35].

1.7 Electrochemical Systems

1.7.1 Batteries

The main electricity storage options appropriate to power any modern system are:

(1) electrochemical devices (batteries) using chemical reactions to generate power,

(2) hydrogen production, compression, storage and power generation through fuel

cells and (3) super-capacitors and ultra-capacitors that store energy in the form of

accumulated charge. In this section, we briefly compare batteries and

supercapacitors (commonly names “supercaps”) [36]. The main targeted

Fig. 1.11 Ragone charts of

various electrochemical

energy-storage devices.

Association of Li-ion

batteries and

supercapacitors should

provide a significant impact

on performance of electrical

vehicles: acceleration and

long range
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technology is the obtaining of devices both smaller and lighter, which are the

typical qualities requested for portable and electric transportation systems. Fig-

ure 1.12 displays various electrochemical systems in a plot of specific volumetric

energy against gravimetric volumetric energy.

Electrochemical batteries are currently classified into different classes from the

view point of the principle, nature of components (see Fig. 1.6), design and working

conditions: nonrechargeable (primary) vs. rechargeable (secondary) systems

(Table 1.6); aqueous vs. nonaqueous cells; liquid vs. solid electrolyte cells; low

vs. high temperature batteries, etc. Since a battery has its own properties according

the chemistry used for electrodes and electrolyte, the characterization of all the

parameters is requested by consumers. For instance, zinc/silver oxide batteries

developed by the US Navy for powering torpedo provide the highest energy per

unit weight and volume among any commercially available aqueous secondary

battery system. Note that lead-acid batteries are the most popular low cost second-

ary batteries produced worldwide so far; they represent approximately 45 % of the

Fig. 1.12 Figures of merit

of electrochemical batteries

Table 1.6 Classification of batteries

Aqueous cell Nonaqueous cell

Primary battery Manganese dry cell Metallic lithium battery

Alkaline dry cell

Magnesium cell

Secondary battery Lead-acid battery Li polymer battery

Ni-Cd battery Li-ion battery

Ni-MH battery
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sales volume of all electrochemical systems. Characteristics of primary and

secondary battery systems with their reaction mechanism can be found in Refs.

[37, 38].

Batteries as energy storage systems (ESS) are essential for electric drive vehi-

cles, such as hybrid electric vehicles (HEVs) plug-in hybrid electric vehicles

(PHEVs) and all-electric vehicles (EVs). HEVs used currently Ni-MH batteries,

which show longer life cycle than lead-acid batteries. Despite their high cost,

lithium-ion batteries with an adequate chemistry (lithium-phosphate is the most

popular) are powering PHEVs and EVs. Supercapacitors can provide additional

power to vehicles (see Fig. 1.11) during acceleration and hill climbing. Supercaps

are also used as devices to recover braking energy and to assist level load power of

batteries. According the US Office of Energy Efficiency & Renewable Energy as

part of the Department of Energy (DOE), the transition to a light-duty fleet of HEVs

and EVs could reduce US foreign oil dependence by 30–60 % and greenhouse gas

emissions by 30–45 % dependent of the exact mix technologies. The “EV Every-

where Blueprint” program gives the 10-year vision of DOE for plug-in electric

vehicles (PEVs). The goals is the lowering cost of electric drive batteries from $500

to $125/kWh, and increasing density from 100 to 250Wh kg�1, 200 to 400Wh L�1,

and 400 to 2000 W kg�1. Note that, in the USA, 97000 PEVs were sold in 2013

[39]. The mission of the US Advanced Battery Consortium LLC (USABC), a

collaborative organization operated by the three US car industries, Chrysler

Group LLC, Ford Motor Company, and General Motors, is the development of

electrochemical storage technologies that support commercialization of fuel cell,

hybrid and electric vehicles, with the goal of reduction cost to $20/kW and extend

life to 15 years. The total funding of USABC was $21.6 million in 2012 [40].

1.7.2 Electrochromics and Smart Windows

Electrochromic devices act to modulate incident radiation via transmission, absorp-

tion, or reflection of the light. Typically, an electrochromic device can be thought of

a series of five thin films deposited on glass: a transparent conductor, an

electrochromic material (working electrode), an ion conductor (separator/electro-

lyte), an electrochromic material (counter-electrode) and a transparent conductor

(Fig. 1.13). By applying an electric field across the electrodes, the optical trans-

mission and/or reflection of the working electrode can be modulated with a dynamic

control of the radiation. The electrodes used in the devices are dependent of the type

of device: absorptive/transmissive or absorptive/reflective [41]. Although, working

electrode materials include WO3, MoO3, NiO, Ni2O3, In2O3, SnO2:Sn, SnO2:F,

VO2, PEDOT/PSS, single-walled carbon nanotubes (SWNT), etc. [42]. The optical

modulation is due to the reduction or oxidation of the electrode material that allows

reversible insertion/extraction of ions (proton, Li+, Na+) into/from its host lattice.

Upon insertion, the host changes its color, which makes possible an electrochromic

display or a smart window. For example, white-transparent WO3 film associated
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with an acidic electrolyte can be used in an electrochromic display according to the

reversible reaction:

xHþ þ xe� þWO3 $ HxWO3; ð1:29Þ

that products a dark-blue tungsten bronze, HxWO3, with the reduction of the

transition metal from W6+ to W5+ [43]. Note that similar electron transfer occurs

for lithium insertion. In practice, small cations such as H+ and Li+ can be easily

inserted into the layered compounds and in the tunnel-like frameworks as well [44].

In any structure, traditional windows are the largest consumer of energy. Com-

monly, metallic coatings that reflect light and heat are used but they are not versatile

and cannot be adjusted. Low-energy glasses named smart windows (introduced in

the late 1990s) are based on paired electrochromic reactions that change light and

heat transmission properties in response to voltage. They are automatically moni-

tored when the exterior environment goes above the transition temperature. This

type of low-power consuming technology could potentially save billions of dollars

on heating, cooling, and lighting costs. The DOE estimates that windows currently

cost $40 billion a year in energy use, which amounts to one quarter of the total

energy spent in the USA. [45]. A smart window is composed of two standard float

glasses (one has an electrochromic coating applied on one of the surfaces) sealed to

form a single insulating glass unit (IGU) with an air space between each slice. The

coating provides selective control over visible light and heat-producing near-infra-

red (NIR) light. Recently researchers reported the introduction of tin-doped indium

oxide nanocrystals into niobium oxide glass (NbOx), and realized a new amorphous

structure as a consequence of linking it to the nanocrystals. Unprecedented optical

switching and excellent electrochromic stability, with 96 % of charge capacity

retained after 2000 cycles were demonstrated [46]. Smart windows are currently in

use in architectures (commercial, office, private); Boeing has used them on its new

“787 Dreamliner” aircraft.

Fig. 1.13 Schematic view of an electrochromic device
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1.7.3 Supercapacitors

Supercapacitors, also known as electric double-layer capacitors (EDLCs) or

ultracapacitors, have a high energy density when compared to conventional elec-

trolytic capacitors. Larger supercaps have capacitance up to 5000 F. [47]. For

applications in which significant energy is needed in pulse form, traditional capac-

itors used in electronic circuits cannot store enough energy in the volume and

weight available. For these applications, the development of high energy density

capacitors has been undertaken by various groups around the world [48]. Figure 1.14

shows the fundamental difference between Voc of a battery compared to that of

supercap. The simplest capacitors store energy by charge separation in a thin layer

of dielectric material that is supported by metal plates that act as the terminals for

the device. The energy stored in a capacitor is given by 1/2CV2, where C is its

capacitance and V is the voltage between the plates. The capacitance value is

calculated using the following expression:

C ¼ ΔQ
ΔV

¼ IΔt
ΔV

; ð1:30Þ

where I is the constant discharging current, Δt¼ t2� t1 and ΔV¼V1 –V2, V1¼ 80 %

Vmax, V2¼ 40 % Vmax and Vmax is the maximum voltage of the supercapacitor.

In an ultracapacitor, the electrodes are fabricated from high surface area, porous

material having pores of diameter in the nanometer range. There are: activated

carbon black, aerogel carbon, anhydrous RuO2, transition-metal oxides (for

instance MnO2) or doped conducting polymers providing capacitance in the range

100–1300 F cm�3. Projections of future developments using carbon indicate that

energy densities of 10 mWh g�1 or higher are likely with power densities of

1–2 W g�1.

Capacity

batteryVoc

q=xe-

Q Capacity

supercapacitor

Voc

Q

Vmax

V1

V2

Q1 Q2

Fig. 1.14 Voc vs. capacity of battery and supercapacitor
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1.8 Concluding Remarks

In this chapter, we have evoked briefly the fundamentals of the storage energy that

are daily applied to face the problems associated with the use of fossil fuels (oil, gas

and coal), the release of greenhouse gases and the devastating effects of raising the

planet temperature as well. Also, energy can be stored in different forms having

their own technologies. The use of electricity as power source requests new devices.

Several examples can be cited. Electricity production from renewable energy

sources needs to store electricity when lack of sunshine or wind is experienced.

The integration of these new primary sources requires more attention in the design,

control and management of the electric grid. Less-polluting automobiles necessitate

the replacement of electric energy for oil. This is a great challenge because of the

need of efficient, cheap and reliable batteries. Behind such a technology, the field of

storage energy constitutes a multidisciplinary research of modern material science,

including the development of new concepts. These days, there is a considerable

global research activity on materials related to insertion reactions that constitute a

breakthrough in extended applications, with the synthesis of these multi-component

devices for storage energy. The fascination with electrical energy storage is driven

by the potential superior performance of materials, by environmental necessity, and

by the fundamental challenges these technologies present.

The most advanced technology for energy storage uses advanced materials and

high performing systems include metal-hydride batteries, lithium-ion batteries,

electrochromics, supercaps, etc., all of them need to be optimized for higher

specific energy and power requirements. Recently, application of the nanotechnol-

ogy to storage systems and especially in batteries and supercaps has opened the way

for novel enterprise. For instance, lithium-ion batteries are used in large facilities to

support energy storage, the load leveling and frequency regulation. With the ability

to inject electricity contained in the batteries of cars on the grid, the Vehicle-to-Grid

(V2G) technology will emerge.
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Chapter 2

Lithium Batteries

2.1 Introduction

By placing a very pure lithium-metal foil as anode element and a lithium salt in a

nonaqueous solution as electrolyte, a new generation of electrochemical generators

was born in the mid-1960s. Basically, the charge transport is identical to nickel-

metal hydride (Ni-MH) or nickel-cadmium (Ni-Cd) batteries, except that Li+ ions

are created by the simple reaction

Li ! Liþ þ e�; ð2:1Þ

liberating one electron through the external circuit and one ion introduced into the

porous structure of the cathode. As discussed in the first chapter, the main param-

eters of energy storage systems are energy density (gravimetric and volumetric),

power density, energy efficiency, and energy quality [1]. The great attractiveness of

the lithium technology comes from the fact that Li is a lighter metal (molar weight

Mw¼ 6.941 g mol�1 and density 0.51 g cm�3), with the electronic configuration

(He)2s1. The specific capacity of Li metal is 3860 mAh g�1 and the couple Li0 has

the highest electroactivity with standard redox potential �3.04 V against H2/H
+.

Consequently, the voltage of lithium batteries is also significantly higher than that

of the Pb-acid and Ni-metal hydride, because lithium is the most electropositive

element found in nature.

Primary and secondary lithium batteries using a nonaqueous electrolyte, exhibit

higher energy density than aqueous electrolyte-based batteries due to the cell

potential higher than 1.23 V, the thermodynamic limitation of water at 25 �C.
The excellent performances of nonaqueous lithium batteries may meet the need for

high power batteries in micro-devices, portable equipment, and even electrical

vehicles.

Lithium does not exist in the form of pure metal in nature due to a very high

reactivity with air, nitrogen and water. It is extracted from ore or brine salt marsh
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(lithium chloride LiCl, lithium hydroxide LiOH, lithium carbonate Li2CO3). Since

we only have 112.7 g of lithium in one kilo of Li2CO3, the extraction of one

kilogram of lithium requires 5.3 kg of lithium carbonate. According to the US

Geological survey (January 2010), Bolivia would house 32 % of world reserves of

lithium carbonate (Li2CO3), and Chile nearly 27 %. However, Chile, China, and

Argentina are the largest producers [2]. Note that 0.8 kg of lithium metal is

produced per second in the world that is 25000 tons a year, mainly to produce

lithium-ion batteries for electric cars or cell phones. In the US Geologican survey,

Goonan said that it would take 1.4–3.0 kg of lithium equivalent (7.5–16.0 kg of

lithium carbonate) to support a 40-mile trip in an electric vehicle before requiring

recharge [2].

In this chapter, attention is focused on the technology of the lithium batteries.

After a brief historical overview, we draw most of the primary and secondary

lithium batteries. To get further information on the interest of these power

sources, we invite the readers to consult works in references as there have been

published numerous excellent books on LiBs based on various different viewpoints

[3–16]. However, there are few books available on the state-of-the-art and future of

next generation LiBs, particularly eventually for EVs and HEVs.

2.2 Historical Overview

Research in lithium batteries began in 1912 under G.N. Lewis, but the breakthrough

came in 1958 when Harris noticed the stability of Li-metal in a number of

nonaqueous (aprotic) electrolytes such as fused salts, liquid SO2, or lithium salt

into an organic solvent such as LiClO4 in propylene carbonate (C4H6O3). The

formation of a passivation layer that prevents the direct chemical reaction between

lithium metal and the electrolyte but still allows for ionic transport is at the origin of

the stability of lithium batteries [17].

These researches opened the door to the fabrication and commercialization of

varieties of primary lithium batteries; since the late 1960s nonaqueous lithium

cells, especially the 3-V primary systems, have been developed. These systems

include lithium-sulfur dioxide (Li//SO2) cells, lithium-polycarbon monofluoride

(Li//(CFx)n) cells introduced by Matsuschita in 1973, lithium-manganese

oxide (Li//MnO2) cells commercialized by Sanyo in 1975, lithium-copper oxide

(Li//CuO) cells, lithium-iodine (Li//(P2VP)In) cells. During the same period, mol-

ten salt systems (LiCl-KCl eutecticum) using a Li-Al alloy anode and a FeS cathode

were introduced [1]. The lithium-iodine battery has been used to power more than

four million cardiac pacemakers since its introduction in 1972. During this time the

lithium-iodine system has established a record of reliability and performance

unsurpassed by any other electrochemical power source [18].

In the early 1970s was discovered the reversible insertion of guest species (ions,

organic molecules, organometallics) into an host lattice that maintains its structural

features but exhibits new physical properties. The first work was initiated by
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Armand at Stanford [19] on the properties of Prussian blue (iron cyanide bronzes

M0.5Fe(CN)3). Among a great variety of inorganic materials, transition-metal oxide

(TMOs) as CrO3 was investigated by Armand at Grenoble [20] and transition-metal

dichalcogenides (TMDs) were studied by DiSalvo at Bell Laboratories [21], and

later by researchers at EXXON [22–25]. Rechargeable lithium cells using

Li-insertion compounds as positive electrodes were developed in the mid 1970s,

when Winn and Steele [26, 27] at Chloride Technical Ltd reported solid-solution

electrode of TiS2 with lithium and sodium as well, followed by the announcement

of Exxon (USA) for its intention to commercialize the Li//TiS2 system [28]; Bell

Laboratories (USA) reported the development of lithium cells constructed with

either NbSe3 or TiS3 [29], while transition-metal oxides such as V2O5, V6O13 were

investigated by Dickens in the UK [30]. Table 2.1 documents the numerous efforts

toward the development of rechargeable lithium batteries using TMOs as positive

electrode and Li metal as anode.

Prototype cells using the principle of lithium intercalation showed promising

characteristics of very high energy density (for instance, 3 times that of Ni-MH

cells), moderate cycle life and higher voltage (~3 V) than aqueous technologies.

Beside the development of positive electrodes, Li alloys (for instance, Li-Al) were

envisaged as negative electrodes. Among them, the first commercially available

rechargeable lithium power source system, the Li//MoS2 type battery

(MOLICEL™) was manufactured by Moli Energy Ltd. in Canada. This cell

delivers performance with sustained drain rates of several amperes at a cell voltage

between 2.3 and 1.3 V. The energy density was in the 60–65 Wh kg�1 range at a

discharge rate of C/3 (approximately 800 mA). The total capacity of a C-size cell

was 3.7 Ah and the number of realizable cycles is dependent upon the charge and

discharge conditions [10]. Especially manufactured as the power source for pocket

telephones in Japan, the first attempt to fabricate rechargeable batteries has proven

very difficult ensuing safety concerns including fires due to the formation of

dendrites. All the products were recalled [31].

At Eveready Battery Co. (USA) a Li/chalcogenide glass/TiS2 was designed for

the CMOS memory backup market. This cell is based on phosphorous chalcogenide

glasses Li8P4O0.25S13.75 mixed with LiI and on solid-solution composite electrode

TiS2-solid electrolyte-black carbon with the percentage by weight of 51:42:7. The

cathode capacity ranges from 1.0 to 9.5 mAh. The cell packaging is a standard sized

XR2016 coin cell. The impedance of the cell at 21 �C is between 25 and 100Ω
depending upon where the cell is in the charge–discharge cycle. More than

Table 2.1 Rechargeable lithium metal batteries using TM oxides as positive electrodes

Battery Potential (V) Specific energy (Wh kg�1) Company/year

Li//V2O5 1.5 10 Toshiba 1989

Li//CDMOa 3.0 – Sanyo 1989

Li//Li0.33MnO2 3.0 50 Taridan 1989

Li/VOx 3.2 200 Hydro-Québec 1990
aComposite dimensional manganese dioxide

2.2 Historical Overview 31



200 cycles have been obtained in experimental cells [32]. A spirally wound

AA-size Li//TiS2 cell has been constructed by Grace Co. (USA). At 200 mA

discharge rate, 1 Ah is delivered to 1.7 V [33]. In C-size, a Li//TiS2 cell built by

EIC Laboratories Inc. (USA), a capacity of 1.6 Ah was obtained. This cell operates

in the temperature range from �20 to +20 �C [34].

The concept of lithium rocking-chair cells or lithium-ion batteries (LiBs) is not

new. It has been proposed in the late 1970s by Armand who suggested to use two
different intercalation compounds as a positive and negative electrode, in the
so-called rocking-chair battery, the lithium ions being transferred from one side
to the other [35]. Practically they were demonstrated in the early 1980s [36].

However, this concept has gained renewed attention following the success of

Japanese industries. Sony and Sanyo in 1985 and 1988, respectively [37, 38],

started to apply new electrodes materials following the fundamental researches of

Goodenough in Oxford [39, 40] and of Armand and Touzain in Grenoble [41], who

evidenced the fast motion of lithium ions in layered host structures (named as

lithium intercalation compounds). A LiB contains a high-voltage (cathode) and a

low voltage (anode) host versus Li0/Li+ redox couple. Exploiting the idea for large-

scale production, Sony Energytec Inc. has commercialized in June 1991 a Li-ion

battery including a lithium cobaltate (LiCoO2) and a non-graphitic carbon (lithiated

coke LiC6), as cathode and anode, respectively; target was powering mobile

phones. The Li-ion battery by Sony was an 18650-type (253 Wh L�1 energy

density) using LiPF6 in propylene carbonate/diethyl carbonate electrolyte solution

[42]. Table 2.2 lists the initial applied patents for the invention of LiBs. The first

patent related to the construction of a LiB, issued on 5 October 1985, is the property

of the Japanese company Asahi Chemical Ind.

During the following decades, active R&D was directed towards alternative

electrode materials resulting in small, light and high energy density batteries that

have subsequently allowed the rapid development of small portable electronics.

Table 2.2 Prior patents related to Li-ion batteries

Inventor/company Patent title

Patent

number

Application

date

Goodenough JB, Mizushima K

(Kingdom Atomic Energy)

Fast ion conductors

(AxMyO2)

US

4,357,215 A

5 Avr 1979

Goodenough JB, Mizushima K

(Kingdom Atomic Energy)

Electrochemical cell with

new fast ion conductors

US

4,302,518

31 March

1980

Ikeda H, Narukawa K, Nakashima

H (Sanyo)

Graphite/Li in nonaqueous

solvents

Japan

1,769,661

18 June

1981

Basu S (Bell Labs) Graphite/Li in nonaqueous

solvents

US

4,423,125

13 Sept

1982

Yoshino A, Jitsuchika K,

Nakajima T (Asahi Chemical Ind.)

Li-ion battery based on car-

bonaceous material

Japan

1,989,293

5 Oct 1985

Nishi N, Azuma H, Omaru A

(Sony Corp.)

Non aqueous electrolyte cell US

4,959,281

29 Aug

1989

32 2 Lithium Batteries



Li-ion cells have been marketed later (Table 2.3) by several battery companies in

the world (Sanyo, Matsushita, Hitachi, Yuasa, Moli, A&T, SAFT, etc.). Lithium-

ion chemistries represent a significant step forward in battery technology. As an

example, designed for sophisticated portable applications, the VL18650 from

SAFT delivers a rated capacity of 1.2 Ah within stable operating conditions of

discharge temperature in the range between �20 and +60 �C. Now, scientists and
engineers have to throw down the challenge of developing high power LiBs for

electric vehicles. Different varieties of Li-ion batteries were launched to power EV

cars: in 1995, the 100-Ah LiCoO2//graphite battery from Sony Corp. supplied

energy for traveling 200 km at maximum speed up to 120 km h�1; in 1996, the

car launched by Mitsubishi Motors used LiMn2O4 spinel as cathode powering a trip

of 250 km.

2.3 Primary Lithium Batteries

Developed in the early 1970s, primary lithium batteries are the most energy-dense

electrochemical cells made for watches, film cameras, medical devices, and mili-

tary purposes. Lithium primary cells have a typical gravimetric density

250 Wh kg�1, against only 150 Wh kg�1 for Li-ion batteries. Various technologies

that differ in chemistry and construction have been used to develop primary lithium

batteries. In Table 2.4, they are classified into three groups, according to the form

and the type of cathode and electrolyte used. Frost and Sullivan said that in 2009,

Table 2.3 Energy densities at a C/5 discharge rate of some commercialized Li-ion batteries

Cell

Energy density

Gravimetric (Wh kg�1) Volumetric (Wh dm-3)

Sony US 18650 103 245

A&T LSR 18650 130 321

Sanyo UR 18650 126 288

Moli ICR 18650 113 287

Matsushita CGR 17500 129 269

SAFT VL18650 108 260

Table 2.4 Chemistry of various primary lithium batteries. Reproduced with permission from

[45]. Copyright 1997 CRC Press

Liquid electrolyte cells Solid electrolyte cells

Solid cathode Liquid cathode Solid cathode

Iron disulfide (FeS2) Sulfur dioxide (SO2) Iodine (I2)

Carbon fluoride (CFx) Thionyl chloride (SOCl2) Lead iodide (PbI2)

Manganese dioxide (MnO2)

Silver chromate (Ag2CrO4)

Sulfur chloride (SO2Cl2) Me4NI5-C cell

Bromine trifluoride (BrF3)

Copper oxide (CuO)
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primary batteries including alkaline that were leading the market, carbon-zinc and

lithium cells made 23.6 % of the global market with 3 % for primary lithium cells; it

has been predicted a 7.4 % decline in 2015 due to the development of rechargeable

batteries [43]. According the Freedonia’s studies, the production of primary batte-

ries doubled between 2002 and 2012. US demand for primary and secondary

batteries are expected to grow 4.2 % per year to $17.1 billion in 2017. Lithium

batteries will offer the best growth opportunities in both the rechargeable and

primary battery segments [44]. Figure 2.1 presents the Japanese battery market in

the year 2013, in which lithium-metal technology is 17 % segment of the total

battery revenue.

2.3.1 High Temperature Lithium Cells

2.3.1.1 Lithium Iron Disulfide Battery

The lithium iron sulfide battery operates at about 400–500 �C using a fused halide

eutectic electrolyte immobilized in the pores of a suitable separator. This battery

displays a number of attractive features compared to the sodium-sulfur battery,

including prismatic flat-plate construction, ability to withstand numerous freeze-

thaw cycles, cell failures in short-circuit conditions, ability to withstand overcharge

and low-cost materials with available construction techniques. The major disad-

vantage is a somewhat lower performance. This battery is suitable for load-leveling

applications. Attention has also focused on battery designs suitable for electric

propulsion [46]. Energizer successfully produced the first commercially available

AA-size 1.5 V Li-FeS2 battery in 1989 (specific energy density ~297 Wh kg�1).

The 1.5 V AAA-size followed in 2005.

Fig. 2.1 Battery

production in Japan for the

year 2013. Primary batteries

amounted to 61 %,

including 17 % of lithium

batteries
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The most commonly used electrolytes are the LiCl-KCl binary eutectic and the

ternary LiF-LiCl-LiI lithium halides. With Li-Al alloy anode and FeS2 cathode the

discharge occurs in several discrete steps:

4Liþ 3FeS2 ! Li4Fe2S5 þ FeS; ð2:2Þ
2Liþ Li4Fe2S5 þ FeS ! 3Li2FeS2; ð2:3Þ
6Liþ 3Li2FeS2 ! 6Li2Sþ 3Fe; ð2:4Þ

giving voltage plateaus at 2.1, 1.9, and 1.6 V, respectively. The use of Li-Al results

in almost 50 % decrease in the theoretical specific energy, but much better stability

is achieved. Most of the development was focussed on the LiAl/FeS couple; the

Varta Battery Company (Germany) has produced a series of 140-Ah cells with a

specific energy of 100 Wh kg�1 at a low discharge rate of 80 mA cm�2, falling to

50 Wh kg�1 at high current density 250 mA cm�2. Another version of LiAl/LiCl-

LiBr-KBr/FeS2 utilizes a dense FeS2 electrode that only discharges to a stoichiom-

etry corresponding to FeS (rather than to elemental Fe, which was the case of prior

versions) [47]. The melting point of LiCl-LiBr-KBr at 310 �C allows cell operation

at about 400 �C. These innovations have resulted in greatly improved capacity

retention, and cells cycling for more than 1000 times. These cells are also devel-

oped in the USA and manufactured by Eagle-Picher, by Gould, and by SAFT

America. Cells of 150- to 350-Ah capacity yield specific energies of 70–95Wh kg�l

available at a 4-h discharge rate. There are still a number of unresolved scientific

questions about the chemistry of LiAl/FeS cells and the mechanism of degradation

and failure. In this system the separator is clearly a crucial component, which must

not only keep the electrode materials apart but also allow good permeation of the

electrolyte. The most suitable materials are found to be boron nitride and zirconia in

the form of woven cloths, but they are obviously very expensive options.

2.3.1.2 Lithium Chloride Battery

Similar designs have been used in lithium chloride batteries, which operate at a

temperature of 650 �C. The cell has the form Li(liq)/LiCl(liq)/Cl2(g), carbon. The

two electrodes, liquid Li anode and the porous carbon cathode in which the chlorine

gas is fed under pressure, are separated by a molten lithium chloride electrolyte.

The overall cell reaction is:

Li liqð Þ þ½ Cl2 gð Þ ! LiCl liqð Þ; ð2:5Þ

with an OCV of 3.46 V. This system delivers a theoretical energy density

2.18 kWh kg�1 at the working temperature. The most serious problems with this

battery, however, are the corrosion of cell components and the development of

satisfactory seals.
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2.3.2 Solid-State Electrolyte Lithium Batteries

Solid-electrolyte batteries generally exhibit high thermal stability, low rates of self-

discharge (shelf life of 5–10 years or better), ability to operate over a wide range of

environmental conditions (temperature, pressure, and acceleration), and high

energy densities of 0.3–0.7 Wh cm�3. However, limitations include relatively

low power density due to the high impedance of most lithium-conducting solid

electrolytes. The three commercial solid electrolyte battery systems are based on

the solid electrolyte LiI, either formed in situ during cell manufacture or dispersed

with alumina.

2.3.2.1 Lithium-Iodine Cells

From the first pacemaker implant in 1958 by Dr Ake Senning surgeon at the

Karolinska Hospital in Stockholm, numerous engineering developments have

faced challenges in battery power. In 1972, a primary lithium-iodine battery

replacing the mercury-zinc cells greatly extended the cardiac pacemaker life

(about 10 years). More details on the history of this battery can be found in ref.

[48]. The most important factor for a cardiac pacemaker battery is its reliability

[49]. The terminal voltage decay characteristic is well behaved, falling slowly

enough for battery end-of-life (EOL) to be anticipated in routine follow up. The

lithium-iodine battery has a solid anode of lithium and a polyphase cathode of poly-

vinyl-pyridine (PVP), which is largely iodine (at 90 % by weight). The solid

electrolyte is constituted by a thin film of LiI. The discharge reaction is given by:

2Liþ nI2 PVPð Þ ! n� 1ð ÞI2 PVPð Þ þ 2LiI: ð2:6Þ

The cathode material is thus formed by the thermal reaction of iodine and

polyvinyl-pyridine. This cell has an open-circuit voltage of 2.8 V. The theoretical

specific energy for the Li/LiI/I2(PVP) cell is 1.9 Wh cm–3. The electrolyte ionic

conductivity is ~6.5� 10�7 S cm�1 at 25 �C, and the energy density is 100–

200 Wh kg�1 [50]. The ratio of iodine to PVP is typically between 30/1 and 50/1,

depending on the manufacturer. Phillips and Untereker have studied the phase

diagram of the iodine/PVP material [51]. They demonstrated that at the application

temperature (37 �C), the material passes through three phases—a two-phase region

comprising a eutectic melt and pure iodine, a single phase liquid region, and a

two-phase system wherein the iodine/monomer unit adduct phase coexists with the

melt. An interesting and useful feature of the cathode material is that it is an

electronic conductor. The conductivity is a function of the ratio of iodine to PVP.

The maximum conductivity occurs at the I2/PVP weight ratio of 8/1. Since the

initial ratio is much greater than this, the electronic conductivity increases until it

reaches the weight ratio of 8/1, and then decreases gradually as the cell reaction

continues. The increase in cell impedance caused by this decrease, together with the
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increase due to the formation of the lithium/iodine reaction product, leads to a

gradual and predictable decrease in cell voltage that is easily detected by the

electronic circuitry of the pacemaker. This feature allows the clinical personnel to

detect the onset of the end-of-service point of the battery well before that point is

reached, making it possible to schedule replacement surgery in a timely manner by

routine checking of the battery status by telemetry. The volume change accompa-

nying the cell discharge is ~12 % if the cathode is 91 % iodide by weight. This

volume change may be accommodated by the formation of a porous discharge

product or by the formation of macroscopic voids in the cell. Such batteries are used

as power sources for implantable cardiac pacemakers, operating at 37 �C. They are

commercialized by Catalyst Research Co., Wilson Greatbatch Inc., and Medtronic

Inc. The lithium-iodine batteries have extended system lives up to 10 years for 120-

to 250-mAh capacities. For use as power sources for portable monitoring or

recording instruments, they have a nominal capacity of 15 Ah or less, and most

have deliverable capacities under 5 Ah.

Batteries of medium capacities, i.e., up to around 1 Ah, can be used for random-

accessmemory power supplies in electronics. Similar batteries usingLi//Br have also

been built. The greater electronegativity of bromine gives rise to voltages the order of

3.5 V and energy densities as high as 1.25 Wh cm�3. Their practical application is,

however, limited by the low conductivity of the LiBr films that are formed.

2.3.2.2 Li/LiI-Al2O3/PbI2 Cells

These batteries are recommended for low-rate operations and they are particularly

suited for applications requiring long life under low drain or open-circuit condi-

tions. Different cathodes have been used in these commercial solid-state cells,

including a mixture of PbI2 + Pb or PbI2 + PbS + Pb, and a new system under

development uses a mixture of TiS2 + S or As2S3, which increases the energy

density. The solid electrolyte is a dispersion of LiI and LiOH with alumina. Lithium

ionic conductivities as high as 10�4 S cm�1 have been reported in such a dispersion

at temperature of 25 �C [52]. The discharge properties are characterized by an open-

circuit voltage of 1.9 V and an energy density of 75–150 Wh kg�1. A three-cell

battery design manufactured by Duracell International delivers 6 V and offers a

capacity of 140 mAh as a pacemaker power source. In typical complementary metal

oxide semiconductor (CMOS) memory applications, the 350-mAh battery can be

used with 1.0-V cutoff potential.

2.3.2.3 Carbon Tetramethyl-Ammonium Penta-Iodide Batteries

The Li/LiI (SiO2, H2O)/Me4NI5 +C cells were evaluated for use in cardiac pulse

generators. They exhibited a voltage of 2.75 V and were projected to have a

volumetric energy density of 0.4 Wh cm�3 [53]. The cathode is a mixture of carbon

and tetramethyl-ammonium penta-iodide (Me4NI5).
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2.3.2.4 Lithium Bromine Trifluoride Battery

Great advances have been made on the unconventional approach of combining

alkali metals with strongly oxidizing liquid, e.g., SO2, SOCl2, or BrF3, which acts

simultaneously as electrolyte solvent and cathode depolarizer. BrF3 is a very

reactive liquid at room temperature, and the concept of a Li//BrF3 cell has appeared

[45, 53, 54]. A super high energy density battery which includes a lithium anode, a

catalyst with liquid bromine trifluoride, and an electrolyte of antimony

pentafluoride has been invented [55]. The cell reaction proceeds by the bromine

trifluoride that disproportionates according the following equation:

4Liþ BrF3 ! 3LiþF� þ LiþBr�: ð2:7Þ

Consequently, no electrolyte salt is necessary because lithium was found to be

stable in BrF3 due to the formation of the protective surface layer. Upon cell

activation a potential of 5 V is established, giving theoretical energy densities of

2680 Wh kg�1 and 4480 Wh dm�3. A typical discharge of a Li/BrF3/C cell is

achieved at 5 mA cm�2 current density, and a capacity of 5 mAh cm�2 has been

measured. The cell performance is controlled by the formation of the reaction

product layer at the anode–electrolyte interface, leading to an increase in imped-

ance. The BrF3 electrolyte can also be modified by dissolution of various fluorides,

e.g., LiAsF6, LiPF6, LiSbF6, or LiBF4. Such a cell is actually strongly developed by

EIC Laboratories Inc. in the USA.

2.3.3 Liquid Cathode Lithium Batteries

2.3.3.1 Lithium Thionyl-Chloride Batteries

The lithium thionyl-chloride battery uses liquid thionyl chloride (SOCl2) as its

positive active material, and lithium metal as its negative active material [56]. The

overall reaction of the battery is expressed as:

2SOCl2 þ 4Li ! 4LiClþ Sþ SO2: ð2:8Þ

The Li//SOCl2 battery achieves a high voltage of 3.6 V and provides high volu-

metric energy density of 970 Wh dm�3 with discharge current of 100 μA. It can be

used over a wide temperature range from �55 to +85 �C. This cell displays

remarkably lower self-discharge than conventional batteries owing to the formation

of a LiCl protective layer over the Li-metal anode surface. Main applications of Li//

SOCl2 batteries are: medical instruments, cash registers, measuring instruments,

onboard microcomputers, sensors, electronic meters (gas, water, electricity, etc.

Bipower® commercialized Li//SOCl2 batteries with nominal voltage 3.6 V. The

1.6-Ah prismatic cell (BL–16PN-64) can be discharged at continuous current
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20 mA. Applications include RF transmitters, military GPS systems, data loggers,

alarm and security systems, CMOS memory backup and medical equipment.

Li//SOCl2 batteries from SAFT are bobbin (LS) or spiral (LSH) cells that operate

at 3.6 V and show lowest self-discharge for extended operating life in the temper-

ature range�60 to +150 �C. LS cells are designed specifically for long-term (5–20+

years) applications featuring a few μA base currents and periodic pulses, typically

in the (�150 mA range, while. LSH cells are designed for applications requiring

continuous current in the range 0.1–0.8 A. Taridan Batteries GmbH commercializes

the SL-500 Li//SOCl2 series exhibiting an extended temperature range up to

+130 �C. These batteries have excellent shelf life (10 years) and extremely low

self-discharge (1 % or less per year).

2.3.3.2 Lithium-Sulfur Dioxide Batteries

The cathode of the lithium-sulfur dioxide (Li-SO2) batteries consists of a gas under

pressure with another chemical as electrolyte salt; this is analogous to the thionyl

chloride electrolyte and its liquid cathode [57]. Applications of these systems

include emergency power units for aircraft and military cold-weather applications

(e.g., radio operation). NASA is using Li-SO2 cells for balloon and flight equip-

ments. Features of Li-SO2 batteries are as follows [58]: (1) high energy density up

to 280 Wh kg�1, (2) open-circuit voltage 2.95 V, operation voltage is between 2.7

and 2.9 V depending upon loading resistance, (3) long storage life, less than 2 % of

self-discharging rate per year, could be stored for 10 years at room temperature,

(4) spiral-wound construction may be discharged at higher rates, and (5) wide

operation temperature range, �54 to +71 � C. Spiral-wound Li-SO2 battery from

SAFT operates at 3 V in the temperature range �40 to +70 �C. This battery shows

excellent capacity above 1 A. Its main advantage is the superior power at �40 �C
and the low-self discharge during storage. The 11.5-Ah cell (model LO39SHX) can

deliver 60 A maximum pulse discharge rate.

2.3.4 Solid Cathode Lithium Batteries

The semiconductive properties and tunnel structure of sulfide and transition-metal

oxides led to the use of these materials in lithium power sources (Table 2.5). Several

lithium-based chemistries were successfully applied to replace the prior

system Zn/AgO and later the lithium-iodine batteries in implantable medical

devices [59–61]. For example, Li//CuO, Li//V2O5, Li//CFx, and more recently Li//

Ag2V4O11 couples have been adopted to power cardiac pacemakers requiring less

that 200 μW [62, 63]. The lithium/carbon monofluoride (Li//CFx) primary cells are

very attractive in several applications because of the double energy density with

respect to the state-of-the-art Li//MnO2 primary batteries (theoretically 2203

against 847 Wh kg�1).
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2.3.4.1 Lithium Polycarbon Fluoride Cells

Polycarbon fluorides of the general formula (CFx)n can be obtained by direct

fluorination of carbon black or other varieties of carbon at high temperatures.

Theoretical specific energy density 2600 Wh kg�1 can be achieved with these

materials. Lithium cells with polycarbon fluoride cathodes have an open-circuit

voltage in the range of 2.8–3.3 V, depending on the composition of the cathode

material. A typical cell reaction may be written [64]:

nxLiþ CFxð Þn ! nCþ nxLiF: ð2:9Þ

Thus, the theoretical specific discharge capacity Qth (in mAh g�1) is expressed by:

Qth xð Þ ¼ xF

3:6 12þ 19xð Þ : ð2:10Þ

The graph in Fig. 2.2 displays the experimental specific capacity of the (CFx)n
materials as a function of the stoichiometry (0.5� x� 1.0). The theoretical capacity

is calculated according to Eq. (2.11).

The crystal structure of graphite fluorides (CFx)n compounds with x> 0.5 was

investigated by Touhara et al. who proposed two phases: a stage-1 (CF1)n and a

stage-2 (CF0.5)n, also commonly referred to as (C2F)n [65]. In stage-1 compounds,

the fluorine is intercalated between each carbon layers to yield –CFCF- layers

stacking, whereas in stage-2 (hexagonal, C3h symmetry) according to their model,

fluorine occupies every other layer with a stacking sequence of –CCFCCF–. The

hexagonal symmetry is preserved in both (CF1)n and (CF0.5)n phases. Theoretical

crystal structure calculations were also carried out and different layers stacking

sequences were compared from their total energy. Due to electron localization in

the C–F bond, a huge drop of the electrical conductivity occurs ~10�14 S cm�1 in

(CF)n compared with ~1.7� 104 S cm�1 in graphite.

Cells based on polycarbon fluorides are manufactured commercially in various

forms. System developed by Matsushita Electric Industrial Co. is designed as a BR

435 cylindrical cell. Cells constructed by Nippon Steel Co. use carbon fibers as

electrodes; they are found to be rechargeable. Cells for military applications have

Table 2.5 Primary lithium batteries with solid cathodes

Systems OCV (V) Comments

Li//CFx 3.1 Developed by Matsushita (1973)

Li//MnO2 3.3 Sanyo (1975)

Li//Ag2CrO4 3.25 For implanted pacemakers

Li//CuS 2.0–1.5 Two voltage plateaus

Li//CuO 2.4 Can operate at 150 �C
Li//FeS2 1.8 Variant is Li//CuFeS2

Li//Ag2V4O11 2.75–2.50 For implanted pacemakers
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been produced in the USA by Eagle Picher and by Yardney Electric. There are

spiral-wound cylindrical cells with a largest cell capacity of 5 Ah.

Lam and Yazami prepared sub-fluorinated graphite fluorides (CFx)n compounds

(0.33< x< 0.63) from natural graphite. The cathode behavior in lithium batteries

investigated under low discharge rate shows that the energy density increases with

the fluorine content x. However, at higher rates, sub-fluorinated compounds

performed better than commercial (CFx)n synthesized from petroleum coke. Spe-

cific capacity 400 mAh g�1 was obtained for Li//CF0.52 coin cell discharged at 2.5C
[66]. The rate capabilities of Li//(CFx)n 18650-type 3.6-Ah cells using 1 mol L�1

LiBF4 in EC:PC:EMC (1:1:3) as electrolyte were tested at Sandia Natinal Labs in

the temperature range �40 to +72 �C [67]. The Li//CFx system was fabricated by

Wilson Greatbatch as an alternative electrical source for advanced pacemaker

systems [68]. Li//CFx-MnO2 hybrid cells are commercialized by Ultralife. These

cells are fabricated for at least 15 years shelf life and deliver 40 % or more capacity

than the same-sized Li//MnO2 system. Li//CFx is estimated to be ~9 % of the

world’s primary battery market that is mainly shared by Panasonic (50 %),

Greatbatch Medical (20 %), Spectrum Brands (20 %) and Eagle-Picher [69].

2.3.4.2 Lithium Manganese Oxide Batteries

Lithium manganese oxide (Li-MnO2) battery is the most common consumer grade

battery that covers about 80 % of the lithium battery market. This system includes

heat-treated MnO2 as cathode, lithium metal as anode and LiClO4 in propylene

carbonate/dimethoxyethane as aprotic electrolyte. The overall battery reaction is:

MnIVO2 þ Li ! MnIIIOOLi: ð2:11Þ

Fig. 2.2 Composition

dependence of the

experimental theoretical

specific capacity of (CFx)n
cathode materials for

primary lithium batteries.

The theoretical capacity is

calculated according to

Eq. (2.11)
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The cell reaction involves reduction of the MnO2 without gases exhaustion and the

product remains in the cathode. The system Li-MnO2 displays several advantages:

(1) the energy density is 150–250 Wh kg�1 and 500–650 Wh dm�3, (2) the

operating temperature ranges from �40 to +60 �C, (3) manganese dioxide is a

low cost and safe material. Batteries are leading the market at approximately 50 %

as estimated by Frost and Sullivan.

Many companies (Panasonic, Sony Energytec, Sanyo, Fuji, NTT, Matsushita,

Varta, SAFT, etc.) embarked on ambitious programs to develop small rechargeable

high-energy density, low cost Li-MnO2 cells. Panasonic sales various battery sizes,

from 30-mAh coin cells (CR1025) to cylindrical 2.4-Ah batteries. Duracell®

Li/MnO2 batteries are being used in a wide range of applications, from powering

all functions of fully automatic 35-mm flash cameras to providing long-term

standby power for computer clock/calendars. The button cell and spiral-wound

cylindrical cell Maxell® Li//MnO2 batteries have long-term reliability of 10 years;

self-discharge rate is about 0.5 % per year. The cylindrical-type CR17450 model

weighting 22 g has a nominal capacity 2500 mAh, Voc¼ 3 V, and operates in the

temperature range �40 to +85 �C. Typical voltage profiles of Li//MnO2 batteries

during discharge continuously at 40 mA are shown at different temperatures in

Fig. 2.3 (from Maxell flyer). Scrap Li//MnO2 batteries by Energizer® meet US

Department of Transportation (DOT) requirements of the 49CFR173.185 standard:

limit of 12 g of Li per cell, strong outer packaging, external short circuits prevented.

Sony has commercialized a button-type CR2025 cell tested at 23 �C under a load of

15 kΩ for 900 h. Excellent long-term storage reliability was demonstrated: at 60 �C
for 120 days is the equivalent of storage at room temperature for 6 years.

PowerStream fabricate CR series of primary Li//MnO2 button cells with nominal

capacity from 25 to 1000 mAh. The price of the CR2477 1 Ah-cell is $3.00. The

cylindrical Li//MnO2 3-V battery by Bipower® (model CR34615) of nominal

capacity 8 Ah weights 120 g. Panasonic sells a varieties of light button cells; the

Fig. 2.3 Typical voltage

profiles Li//MnO2 batteries

discharged continuously at

40 mA at different

temperatures
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CR2025 items of capacity 165 mAh weight 2.3 g. Since 1976, Sanyo Electric

Co. has developed a wide variety of primary Li-MnO2 cells to meet the demands

of a large diversified market. Coin-type CR1220 36-mAh cell weighting 0.8 g

delivers a maximum continuous discharge current 2 mA. The high-power cylindri-

cal 2.6-Ah cell (spiral structure) weighting 23 g delivers 500 mA.

2.3.4.3 Low Temperature Lithium Iron Batteries

Room temperature primary Li//FeS2 batteries use nonaqueous electrolyte, such as a

lithium/iron disulfide, with good low temperature performance characteristics. The

electrolyte has a solute including lithium iodide dissolved in an ether-containing

solvent including a 1,2-dimethoxypropane based solvent component and no more

than 30 vol% 1,2-dimethoxyethane [70, 71]. Commercial Li//FeS2 AA primary

batteries have offered substantially longer runtime than equivalent sized Zn//MnO2

alkaline AA cells for high-power applications and below ambient temperature [72].

The electrolyte consisted of 1 mol L�1 LiCF3SO3 dissolved in 24.95 vol.%

dioxolane, 74.85 vol.% dimethoxyethane, and 0.2 vol.% dimethylisoxazole. How-

ever, the rate capability of commercial Li//FeS2 batteries may be limited by the ion

conductivity of the electrolyte when FeS2 samples have crystal sizes smaller than

1 μm. It has been demonstrated that the electrochemical performances are strongly

dependent on the FeS2 cathode particle size. Reducing crystal size of FeS2 from

10 μm down to 100 nm increases the presence of crystal boundaries or surfaces per

unit volume of FeS2, provides a large number of nucleation sites for lithiated

products, and thus promotes the kinetics of the heterogeneous (not intercalation)

lithiation process of FeS2 [73]. For a loading cathode of 14 mg cm�2, the discharge

voltage profiles of Li//nano-FeS2 cells show a two-voltage-step reaction at 1.7 and

1.5 V at current densities lower than 3 mA g�1 (0.042 mA cm�2). The 1.7-V

lithiation plateau was attributed to the formation of pyrrhotite Fe1�xS (0< x< 0.2)

and Li2+xFe1�xS2 (0< x< 0.33) intermediate phases, and the 1.5 V reaction pro-

duced a mixture of plate-shaped Li2S and amorphous Fe as final products.

2.3.4.4 Silver Vanadium Oxide Cells

Ag2V4O11 (SVO) is an interesting cathode material for lithium primary batteries

used as a power source for implantable cardiac defibrillators (ICDs). Li//SVO cells

have traditionally been designed by Medtronic Inc. to discharge the cathode to a

composition of >6Li:Ag2V4O11 [74]. The SVO tunnel-like structure (C-centered

monoclinic) consists of vanadium oxide layers with silver located between the

layers. Li//SVO batteries have a distinctive discharge curve with two plateaus,

one at 3.24 V and one at 2.6 V. In the fully discharged state, the composition of

the cathode is Li6Ag2V4O11. This composition corresponds to reduction of silver to

Ag0 and reduction of V5+ to V4+ [75, 76]. Lithium batteries with hybrid cathodes of

Ag2V4O11 and CFx have been developed by Medtronic Inc. that combine the best
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features of both cathode components. Figure 2.4 compares the discharge profile of

Li//SVO and Li//SVO-CFx composite cells. Silver chromate, Ag2CrO4 was also

used as a cathode material in Li primary battery for pacemaker. The cell reaction is

identical to that of SVO with the formation of metallic silver and final solid product

Li2CrO4. The nominal voltage is 3.5 V and the specific energy is 200 or

575 Wh dm�3 for a 2.5-V cutoff. Button cells were produced by SAFT.

2.3.4.5 Other Primary Lithium Batteries

In many cases the discharge mechanisms involved in lithium oxide cells are still not

fully understood. The discharge reaction can be described as a formal displacement

process:

2LiþMO ! Li2OþM; ð2:12Þ

where MO is an oxide such as CuO, Mn2O3, Bi2O3, or Pb3O4 with theoretical

capacity of 670, 310, 350, and 310 mAh g�1, respectively. OCV are in the range

3.0–3.5 V and a practical energy density of 500 Wh dm�3 is obtained. Varta has

developed a CR 2025-type cell and SAFT has manufactured an LM 2020-type

cell. The Li//CuO button cell (LC01) constructed by SAFT exhibits a single step

which may be attributed to the simple displacement reaction (Eq. 2.12). This

Li//CuO cell delivers an OCV of 1.5 V and has the highest specific energy of all

solid cathode-based lithium cells. Practical value of 750 Wh dm�3 is obtained.

The liquid electrolyte varies from manufacturer to manufacturer, but LiClO4 in

dioxolane is very often used. The cylindrical cells manufactured by SAFT have

practical capacities in the range 0.5–3.9 Ah.

Sulfide electrodes have the advantage over the corresponding oxides that most of

them are good electronic conductors, so that sulfide-based batteries usually do not

Fig. 2.4 The discharge

profile of Li//SVO and Li//

SVO-CFx composite cells

used to power medical

devices
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require the addition of carbon into the cathode. Batteries based on cupric sulfide

cells (three in series) have been developed for use in a cardiac pacemaker.

Li//CuS undergoes in two steps, so that the discharge curve exhibits two plateaus

at 2.12 and 1.75 V during the first discharge to 1.5 Vwith a capacity of 530mAh g�1.

The reduction of CuS results in the formation of LixCuS during the first

voltage plateau, and Cu1.96S, Li2S and metallic Cu during the second voltage

plateau [77].

2.4 Secondary Lithium Batteries

Basically, the idea of using materials that undergo insertion reactions as the

electrochemically active component at the positive electrodes began to be explored

in the 1970s, giving birth to the rechargeable lithium batteries (RLB). Two

approaches consist in the design of RLB as shown in Fig. 2.4. The first system

utilizes an insertion compound as positive material and a lithium-metal foil as the

negative electrode, the so-called lithium-metal battery (Fig. 2.4a). The second

system consists in using two open-structured materials as electrodes, in which the

lithium ions can be shuttled from one intercalation compound acting as lithium-ion

source to another receiving lithium-ion and vice versa for the discharge process.

This is the commonly known lithium-ion battery (Fig. 2.4b) that was initially

named “rocking chair battery,” “swing battery” or “shuttlecock battery.” Some-

times, LiBs are also named “lithium metal-free rechargeable batteries” [10]

(Fig. 2.5).

Fig. 2.5 Schematic representation of rechargeable lithium batteries. There are two systems

according the nature of the negative electrode either Li metal (a) or Li insertion compound (b).
In both cases, the positive electrode is constituted by an insertion compound, in which the redox

reaction occurs at high potential versus Li0/Li+
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2.4.1 Lithium-Metal Batteries

The first electrochemical applications of intercalation compounds appeared on

lithium-metal batteries (LMBs). The idea of using materials that undergo insertion

reactions as the electrochemically active components of batteries began to be

explored and accepted in the early 1970s [8]. Of particular interest was the case

of an electron donor mechanism that takes place in transition-metal

dichalcogenides MX2 (X¼ S, Se). The prototype is the Li//LixTiS2 system

[24]. Then, a series of studies of the transition metals of the first and second row

were reported. Basically, batteries using MX2 compounds can be considered as

concentration cells, in which the activity of lithium varies in the composition range

0� x� 1. For x¼ 0, TiS2 is at the pristine state and the cell is fully charged, while,

for x¼ 1, the fully intercalated LiTiS2 state corresponds to the discharged state. In

LixTiS2, for instance, the inherent reversibility of intercalation mechanism suggests

the following reactions

xLiþ þ xe� þ TiS2 ÆLixTiS2: ð2:13Þ
As the intercalation of lithium occurs as ionic species Li+, the electro-neutrality

of the host is maintained by the ejection into the external circuit of an electron

generated by a reduction reaction of the transition-metal cation, the oxidation state

of which switches from Ti4+ to Ti3+. The cell potential decreases upon the Li uptake

into the host framework, which follows the simple Nernst equation:

V xð Þ ¼ E0 � RT

F
lna Liþð Þ; ð2:14Þ

where a(Li+) is the activity of Li+ ions in LixTiS2. Note that the decrease of the cell
potential with increasing of Li+ ion activity is a typical feature of Li-intercalation

batteries. In the limits of the structural stability of the host, the electrochemical

reaction is fully reversible.

Whittingham reported that the reversibility of the Li//TiS2 couple permitted deep

cycling for close to 1000 cycles with minimal capacity loss, less than 0.05 % per

cycle, with excess lithium anode [78]. Two noticeable batteries with LiAl anode

[79] that improves the safety were constructed by Exxon: the LiAl//TiS2 cells were

commercialized to power small devices such as watches and the largest lithium-

metal prismatic-type cell using a LiB(CH3)4 salt in dioxolane was exhibited at the

Electric Vehicle Show in Chicago en 1977 [78]. Because TiS2 is a degenerate

semiconductor that exhibits a high electronic conductivity, the use of this com-

pound as cathode does not require the fabrication of composite electrode including

conductive additive like carbon black. Despite the excellent performance of TiS2,

the great efforts of the Exxon’group were in vain, due to the formation of dendrites

at the metallic anode in liquid electrolytes upon the cycling process, which is

related to the non uniform change in the morphology of the anode surface as

shown in Fig. 2.7. As pointed out by Xu [80], serious safety hazards are often
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caused by the generation of both dendrites and isolated lithium crystals (Fig. 2.6).

The former creates internal shorts, and the latter is chemically active with the

electrolyte solvents due to the huge surface areas of these lithium crystals. For

the first discharge, that is the formation process, a passivation layer is formed at the

surface of the lithium anode; this the solid electrolyte interphase (SEI), which is a

poor ionic conductor in nature (Fig. 2.6a). This SEI is also growing upon repeated

cycles. After the departure from the anode surface during discharge, the Li particles

migrate to the cathode; the phenomenon is reverse for the charge. The deposition of

Li+ ions coming from the cathode participates to the nucleation of dendrites,

Fig. 2.6 Sketch of the formation of dendrites and deposition of lithium grains at the surface of the

electrode (a) for the first discharge process with formation of the SEI and (b) upon cycling

Fig. 2.7 Principle of the lithium-ion battery (a) charge process, (b) discharge process
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because particles do not have memory to seat back on the same site as before

(Fig. 2.6b). Finally, the continuous dissolution and dendrite formation occur at the

expense of the mechanical stability of the anode, which damages the whole battery

operation.

The use of LMBs remains inefficient because several factors that are: (1) the

unresolved control of the reactivity of lithium toward electrolyte, (2) the difficult

mastery of the SEI layer, (3) the formation of large dendrites causes internal short

circuiting, and (4) the increasing surface area upon cycling poses risks of overheating.

It is a fact that LMBs have low coulombic efficiency ~90 % with carbonate solvents,

and low cycle life due to the ceaseless growth of the passivation layer [81].VonSacken

et al. [82] reported the thermal runaway of anode materials and showed that reactions

between lithiummetal and electrolyte are exothermic. These aspects are developed in

the following, in the chapter related to anode materials.

Beside TiS2, several transition-metal chalcogenide MX2 or MX3 (X¼ S, Se)

compounds with a layered structure (case of MX2) of one-dimensional structure

(NbSe3 has been the model system for quasi-1D charge density waves) have been

studied as cathode materials in LMBs. Most of them display a single-phase behav-

ior upon lithium intercalation. LixVSe2 is the unique material showing a two-phase

behavior that is evidenced by the appearance of two voltage plateaus in the

discharge curve [83]. Three systems had emerged using TiS2, MoS2 and NbSe3.

A solid state battery Li/chalcogenide glass/TiS2-carbon was developed at Eveready

Battery Co. (USA) with the target of CMOS memory backup market. The electro-

lyte is a phosphorous chalcogenide glass Li8P40.25S13.75 mixed with LiI and on a

composite electrode of TiS2-solid electrolyte-black carbon with percentages in

weight 51:42:7. The capacity ranges from 1.0 to 9.5 mAh. The cell packaging is a

standard-sized XR2016 coin cell. The resistance of the cell at 21 �C is between

25 and 100 Ω depending on the state of charge [84]. A spirally wound AA-size

Li/TiS2 cell was constructed by Grace Co. (USA). At 200-mA discharge rate, a

capacity of l Ah is delivered to 1.7 V [33]. Capacity of 1.6 Ah is obtained from a

C-size Li/TiS2 cell built by EIC Laboratories Inc. (USA). This cell operates in the

temperature range from �20 to +20 �C [34]. C-size 3.7-Ah Li/MoS2 batteries were

especially manufactured by Moli Energy Ltd. (Canada) as the power source for

pocket telephones in Japan. This battery uses a lithium anode, a propylene

carbonate-based electrolyte solution and a processed MoS2 cathode. Sustained

drain rates of several amperes at a cell voltage between 2.3 and 1.3 V are obtained.

The energy density is in the 60- to 65-Wh kg�1 range at a discharge rate of C/3
(approximately 800 mA) [85]. The Li-NbSe3 system, termed FARADAY cell [86]

was developed at AT&T (USA). The AA-size cylindrical cell was designed for

operating over 200 cycles at a typical current of 400 mA to a cutoff capacity of

0.7 Ah. The ability to incorporate 3Li per NbSe3 gives a relatively high theoretical

energy density of 1600 Wh dm�3. A practical energy density of 200 Wh dm�3 was

achieved with the possibility of 350 cycles of charge–discharge.

It has long been recognized that lithium can be inserted chemically intometal oxide

frameworks. Both molybdenum oxides [87, 88] and vanadium oxides [89] were

synthesized for this purpose. The reversibility of insertion reaction in these alkali
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metal bronzes LixMOy formed in electrochemical cells allows many of these cells to

be rechargeable. Labat et al. [90] disclosed a rechargeable cell having a cathode based

onV2O5. A C-type Li//V2O5 1.4-Ah cell has been commercialized by SAFT. This cell

includes a lithium or lithium alloy anode so that the cell is charged to 3.8 V. In the cell

constructed by Tracor Applied Science Inc. about 2–20 % by weight of carbon is

admixed to V2O5 [91]. The Li//V2O5 coin cell developed byMatsushitaMicro Battery

Corp. (Japan) provides power to electronic equipments like memory backup. The

cathode is amixture ofV2O5 and 5wt% carbon black.During the discharge, a depth of

3Li per V2O5 is obtained with an average voltage about 2 V. This battery delivers a

capacity of 36 mA at a discharge rate of 1 mA [92].

2.4.2 Lithium-Ion Batteries

2.4.2.1 Principle

Basically, a lithium-ion battery (LiB) does not contain lithium metal, but only

charge species Li+ ions. These ions swing from one electrode to another throughout

the electrolyte that is a good ionic conductor and an electronic insulator. Let us

consider the charge and discharge reaction for a LiB with the LixCoO2/LiPF6-EC-

DMC/LixC6 electrochemical chain as shown in Fig. 2.7. A fresh cell is in the

discharge state, i.e., at low potential. Consequently, in the initial state, the positive

electrode framework is full of Li+ ions (Li1CoO2), while the anode is empty (carbon

C). As any electrochemical reaction implies the transport of ions and electrons, the

redox process in a LiB is as follows. During the charge process, Li+ ions are

generated by the positive electrode (anode at this time), migrate across the electro-

lyte and penetrate the negative electrode (cathode at this time), while electrons

circulate through the external circuit; in the process, the positive electrode is

oxidized losing x electrons (Li1�xCoO2) and the negative electrode is reduced

capturing x electrons (LixC6) and vice versa for the discharge process.

For a LIB made of LiCoO2 as positive electrode and graphite-like carbon as

negative electrode, the chemical reactions for charge and discharge are expressed as

shown below:

xLiþ þ xe� þ 6CÆLixC6 at the negativeð Þ; ð2:15Þ
LiCoO2 ÆLi1�xCoO2 þ xLiþ þ xe� at the positiveð Þ; ð2:16Þ

where the upper arrow represents the discharge process and the lower one the

charge process. The overall battery reaction is expressed as:

LiCoO2 þ 6CÆLi1�xCoO2 þ LixC6: ð2:17Þ

Note that the LiCoO2//C-type cell operates at high voltages, around 4 V, due to the

big difference [μ(LiCoO2)� μ(C)] between the chemical potentials of the elec-

trodes (Eq. 1.2).
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Currently, the electrolyte is a mixture of alkyl carbonate solvents (aprotic) with

lithium hexafluophosphate salt (LiPF6) to provide ionic conductivity for the back

and forth motion of the lithium ions. Generally the transport of ions into a solid-state

compound is a slow process that requires optimization by using very well crystal-

lized electrode materials [93, 94]. However, some amorphous substances can be

used and this area is receiving increasing attention, in particular in the case of some

anode materials that are discussed in Chap. 10. An important strategy in the design

and optimization of an electrode is the use of the nanotechnology to reduce the size

of active particles as small as possible. The smaller the particle size, the shorter the

length of the path of a guest species in the solid, and the smaller the change from the

core to the surface of individual particles during discharge–charge cycling [95].

Lithium ion batteries have a high energy density and are ideal for cyclic

applications. They allow savings in volume and weight up to 70 % compared to

traditional lead acid batteries or Ni-MH batteries (see Table 2.6). One disadvantage

of the Li-ion batteries is that Battery Management System (BMS) is inevitable, to

control and monitor the battery pack, and automatically compensate imbalances

between cells as much as possible. This ensures a constant high capacity and a long

life span. The BMS must also test constantly each cell to avoid thermal runaway

and the propagation to other cells (battery fires). However, the recent investigations

of LiBs with iron phosphate and titanate electrodes have shown the LFP/LTO cell

passes successfully the battery tests for safety use in public transportation [96], in

which case the role of the BMS is reduced to the control of the balance between the

cells in the battery pack. The “18650” battery prepared under such conditions

delivers a capacity of 800 mAh. It retains full capacity after 20000 cycles

performed at charge rate 10C (6 min), discharge rate 5C (12 min), and retains

95 % capacity after 30000 cycles at charge rate 15C (4 min) and discharge rate 5C,
both at 100 % depth of discharge (DOD) and 100 % state of charge (SOC). Since the

introduction of LiBs using LiCoO2 as the oxidant electrode, several new cell

chemistries have been developed and used in commercial batteries.

2.4.2.2 Energy Diagram

The open-circuit energy diagram of a lithium battery has been discussed by

Goodenough and Kim [97]. Figure 2.8 represents the energetic configuration of

electrodes and electrolyte of a lithium battery at the thermodynamic equilibrium.

The anode and cathode electrodes are electronic conductors with electrochemical

Table 2.6 Characteristics of

Li-ion against NiMH cell
Characteristics Ni-MH Li-ion

Operating voltage (V) 1.3 3.7

Specific energy (Wh kg�1) 75 160

Self discharge (% per month) 30 5

Cycle life Good Good

Memory effect Yes No
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potentials μA and μC, also called Fermi level energies EA and EC, respectively. The

electrolyte is an ionic conductor with a band gap Eg, which represents the separation

between the lowest unoccupied molecular orbital (LUMO) of energy EL and the

highest occupied molecular orbital (HOMO) of energy EH. The thermodynamic

stability of a lithium cell requires that the electrochemical potentials of electrodes

EA and EC are located within the energetic window of the electrolyte, which

constrains the cell voltage Voc of the electrochemical cell to

eVoc ¼ EC � EA 	 Eg; ð2:18Þ

where e is the elementary electronic charge and Eg¼EL�EH [14].

It has been suggested that in practical nonaqueous lithium battery systems the

anode (Li or graphite) is always covered by a surface layer named the solid

electrolyte interphase (SEI), 1–3 nm thick, which is instantly formed by the reaction

of the metal with the electrolyte (this is called “formation cycle”). This film, which

acts as an interphase between the metal and the solution, has the properties of a

solid electrolyte. The SEI acts as a passivating layer at the electrode/electrolyte

boundary gives a kinetic stability to the cell only when the condition in Eq. (2.18) is

fulfilled. Otherwise, this layer has a corrosive effect and grows with the cycling life

of the battery [98]. The design of electrodes must match the LUMO and HOMO

level of the electrolyte. In Fig. 2.8, we present the schematic energy diagram of

Li-ion cells for three different chemistries that illustrate the different situations:

titanate spinel-iron phosphate (LTO//LFP), graphite-lithium cobaltate (C//LCO)

and graphite-nickel-manganese spinel (C//LNM). For the couple Li4Ti5O12//

LiFePO4, the voltage cell Voc is smaller than Eg. Therefore, no SEI is formed

because the electrode energy levels EC and EA match well within the electrolytic

window, which insures very high safety. However, the price to be paid is a lower

Fig. 2.8 Electronic band diagram of Li-ion batteries with various electrodes: olivine LiFePO4,

lamellar LiCoO2, and spinel LiNi1/2Mn3/2O4 as cathodes and lithium-metal and carbon as anodes.

EA and EC represent the Fermi level of anode and cathode respectively. Eg is the electrolytic

window that ensures the thermodynamic stability, while EA>EL and EC<EH requires a kinetic

stability by the formation of an SEI layer
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open-circuit voltage, i.e., 2 V against 4 V for the graphite//LiCoO2 battery. For the

graphite//LiCoO2 cell, graphite has EA lying above the LUMO of used nonaqueous

electrolytes and EC of the cathode lies below the HOMO level. Consequently, the

use of both graphite and LiCoO2 electrodes is possible because this combination

allows for the growth of the passivating SEI film. The SEI requires properties as

follows: (1) it must have good mechanical stability when changes in electrode

volume occur upon cycling life, (2) it must allow for fast Li+-ion transfer from

the electrolyte to the electrode, and (3) it must have a good ionic conductivity

over the temperature range �40< T< 60 �C [99]. In the case of the graphite//

LiNi1/2Mn3/2O4 cell, the situation is worse because EC lies far from EH that makes

the electrode-electrolyte very instable. Table 2.7 lists a selection of the most

popular Li-ion technologies that have been developed so far.

The characteristics of the cathode and anode elements together with a discussion

on their advantages and disadvantages are reported in following chapters of this

book. In Table 2.7, however, only the Li4Ti5O12 (LTO) material is reported as an

alternative to graphite, since it is being commercialized. LTO has been considered

as a viable 1.5 V anode material since some time due to several advantages (see

Chap. 10), and LiBs with this anode and various cathodes have been tested, starting

with the LTO//LiMn2O4 combination, with liquid [100] or solid polymer [101]

electrolytes. Then, the combinations LTO//LiNi0.8Co0.2O2 and LTO//LiCoO2 have

been explored [102], demonstrating their viability for high-power applications.

However, the exploration of LTO-based batteries was more or less abandoned for

some years, due to the focus of all the research on only one parameter: the energy

density and LTO suffered from the lower operating voltage. The interest in LTO

was revived by the Ohzuku group [103, 104] who showed that a combination of

LTO with a Li mixed oxide as cathode can deliver gravimetric energy densities as

high as 250 Wh kg�1 and volumetric energy densities of 970 Wh dm�3. The

LTO//LiMn2O4 cell delivers a reversible capacity 90–100 mAh g�1 when cycled

at 55 �C at 1C rate [105, 106]. With LTO particles of diameter 20 nm, the nano-

LTO//LiMn2O4 cell can be cycled up to 1000 cycles at 25 and 55
�C and fast-charge

capability was reported [107] up to 80C rate. The best results for the

LTO//LiMn2O4 cell have been obtained with micrometer sized (~0.5–2 μm) sec-

ondary particles composed of nanosized (�10 nm) LTO primary particles as the

anode, combined with spherical LiMn2O4 particles [108]. This cell showed nearly

Table 2.7 The most popular Li-ion technologies developed so far

Acronym Cathode Anode Cell voltage (V) Energy density (Wh kg�1)

LCO LiCoO2 Graphite 3.7–3.9 140

LNO LiNiO2 Graphite 3.6 150

NCA LiNi0.8Co0.15Al0.05O2 Graphite 3.65 130

NMC LiNixMnyCo1�x�yO2 Graphite 3.8–4.0 170

LMO LiMn2O4 Graphite 4.0 120

LNM LiNi1/2Mn3/2O4 Graphite 4.8 140

LFP LiFePO4 Li4Ti5O12 2.3–2.5 100
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100 % capacity retention up to 1000 cycles when cycled at 5C rate at 55 �C.
However, the problem with the use of LiMn2O4 is not the cycling life (number of

cycles before aging), but the calendar life, which is very limited by the dissolution

of manganese in the electrolyte. In addition, as any chemical process, the kinetics of

this dissolution process increases with temperature. An illustration of this effect

was given by the failure of LiMn2O4-based batteries that equipped electric cars in

the US after a hot summer in 2013, which forced the car-maker to recall these cars

to change the batteries. That is why many efforts were made since 10 years to

replace LiMn2O4 by a compound based on another transition metal that does not

dissolve into the electrolyte. The LTO//LiFePO4 (LFP) cell operates at voltage circa

1.75 V and has been first studied in 1994, using a gel-polymer electrolyte [109]. A

liquid electrolyte made of Li salt in an ionic liquid, namely, lithiumbis(trifluor-

omethane) sulfonamide, LiTFSI in Py24TFSI, is also viable [110]. When the

LiFePO4 particles used as cathode of the LTO//LFP cell are coated with a conduc-

tive layer to increase the electrical conductivity of the LFP powder, the cell delivers

a capacity of 155 mAh g�1. In one case, the coat was polyacene [111], but usually it

is simply a 2–3 nm thick conductive carbon layer [112]. A breakthrough perfor-

mance has been obtained with such carbon-coated nano-LFP (particle size, 25 nm)

as cathode [96]. The cells retained full capacity after 20000 cycles performed at

charge rate of 10C and discharge rate of 5C, and retained 95 % of the capacity after

30000 cycles at charge rate 15C and discharge rate 5C, both at 100 % DOD (depth

of discharge) and 100 % SOC (state of charge). The performance has even been

improved by using carbon-coated LTO particles of size 90 nm, as good rate

capability has been observed up to 100C rate [113]. In addition, different electro-

lytes have been tested in this work in order to increase the temperature where the

battery can operate, which imposes to get rid of the ethylene carbonate that has a too

small boiling temperature. The upper bound of the temperature window where the

“18650” battery operates is raised to 80 �C by using 1 mol L�1 lithium bis

(fluorosulfonyl)imide (LiFSI) in GBL or 1 mol L�1 LiFSI in PC+ γ-butyrolactone
(GBL) electrolyte. Studies have also been successful to decrease the lower limit of

the temperature window. The “18650” cell using the low temperature electrolyte

1 mol L�1 LiPF6 and 0.2 mol L�1 LiFSI in quaternary blend of aliphatic solvents

such as propylene (PC) +methyl propionate (MP) + ethylmethyl carbonate (EMC)

+ 5 % fluorinated ethylene carbonate (FEC) (1:1:1:1 by volume) displayed a similar

electrochemical performance at 25 �C as that of the cell with conventional electro-

lyte, but in contrast permits to pass the Hybrid pulse power characterization (HPPC)

test down to�10 �C, owing to improvement in ionic conductivity of the electrolyte.

In addition, accelerated rate calorimetry measurements have shown that this cell

benefits from an unprecedented safety [113]. The LTO/LFP combination then

appears as the most attractive battery for use in PHEV, and energy storage for

wind and solar energy. As mentioned earlier, the LiNi1/2Mn3/2O4 (LNM) cathode,

which operates at 4.7 V with respect to Li, cannot be combined with graphite, and

LTO has then been considered as an alternative anode by the Ohzuku group [104,

114, 115]. The LNM//LTO cell operates at 3.2 V and delivers a capacity decreasing

from 5.4� 4.8 mAh (for mass balanced cells of 0.056 g LTO and 0.049 g LNM)
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when the current rate increases from 12.7 to 509 mA g�1. The Amine group found a

86 % capacity retention when the LNM//LTO cell was cycled at C-rates from 0.5 to

10C, with very good cyclability over 1000 cycles between 2.0 and 3.5 V [116]. A Li

(Ni0.45Co0.1Mn1.45)O4//LTO with weight ratio of anode to cathode 1.36 in the

laminated-type cell delivered a capacity of 124 mAh g 1 up to 500 cycles at 1C
rate [117]. Let us recall, however, that the problem with LNM (Co-doped or not) is

the dissolution of manganese in the conventional electrolytes (same problem as in

the case of the LiMn2O4) that reduces the calendar life and is still an obstacle to the

commercialization of such batteries.

LTO has also been combined with the layered oxides LiCoO2 [102],

Li(Ni0.8Co0.2)O2, Li(Co1/2Ni1/2)O2 [118], Li(Co1/3Ni1/3Mn1/3)O2 [104], and

Li1+x[Co1/3Ni1/3Mn1/3]1�xO2 [119]. The performance of such batteries is good.

The interest in the use of such layered compounds as cathodes is the high energy

density. For instance, LTO//Li(Co1/3Ni1/3Mn1/3)O2 cell delivered a capacity

<85 mAh g�1 (340 mAh cm�3) and has an energy density of 215 Wh kg�1 or

970 Wh dm�3 with an average voltage of 2.5 V. The replacement of graphite by

LTO improves the power of the battery, since this material does not change volume

upon insertion of lithium, and supports much faster charge–discharge rates than

graphite. The safety problem with layer compounds, however, remains. Their bad

thermal stability has restricted the use of these materials as cathode of LiBs to

applications to portable use, with the exception of Boeing and Tesla, who used

Al-doped Li(Ni0.8Co0.2)O2//graphite, inevitably leading to the battery fires that they

have experienced if the BMS cannot manage the intrinsic instability of these

batteries. That is why we did not recommend their use in transportation in spite

of the temptation of the higher energy density.

Other batteries have been studied at the laboratory scale, using other compounds

that are extensively reviewed in Chap. 10 as promising anode elements. They are,

however, still too far from commercial use to be listed in Table 2.7. In addition, as

we see in Chap. 10, the performance of these materials depend very much on the

composition of the anode electrodes, and the research today is focused on their

optimization by working on the formation of composites associating for instance

carbon under the form of nanotubes or graphene, or coat of the nanoparticles of

active elements of different shape (spherical, nanotubes, nanoplates), and different

porosity. A review of primary results on such full cells (by opposition to half-cells

with Li as the anode studied in Chap. 10) can be found for instance in ref. [120], but

they will be fast outdated by the progress on the building of the anodes and the

results newly obtained on half-cells discussed in Chap. 10, owing to the progress in

nanoscience and materials science.

2.4.2.3 Design and Manufacturing

The elementary electrochemical cell of the lithium-ion battery is based on the

assembly of three main components. This cell comprises two reversible electrodes

that are slurry deposited onto metallic current collector: the anode provides lithium
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ions during discharge and the cathode receives these charge species which are

inserted into its lattice. The two electrodes are separated by a porous membrane

with foam structure (separator) [121] soaked with the liquid electrolyte. This

electrolyte is a fast ion conductor of lithium ions, but it is also an electronic

insulator, because any transport of electron across the electrolyte would result in

a self-discharge. The ionic conductivity is achieved by dissolving lithium salts in

aprotic solvents. The anode is deposited onto copper foil, while the cathode

material that is a mixture of electro-active material, carbon black and binder, is

coated onto an aluminum foil. Both metallic foils insure the function of current

collector. Each electrode film spread by coating technique has a thickness of a few

tens of microns and a width of a few centimeters. Numerous operations are made to

construct a cell, from preparation of powders and coating to cell formation and

electrical tests (Fig. 2.9). The total thickness of the laminate obtained is about

150 μm, which depends on the electrical characteristics of the required cell. Indeed,

changing the film thickness maximizes performance to meet the specific request of

the application. So assemble thick film provides a configuration of high-energy type

battery, while a thinner element will provide high-power performance. For a brief

overview of processing for lithium-ion batteries see Ref. [122]. The sensitive

chemistry of the Li-ion cell means that the manufacture must be done in dry

room, less than 100 ppm of water. Mass production lies in fully automatic lines.

The manufacture of single cells and modules and packs for large-format power

batteries is under development. One thing is inescapable: the manufacturing of cells

in a dry room due to the sensitivity of lithium and chemistry to moisture. To satisfy

the requirement of the target market of batteries for electric vehicles, the fabrication

should be fast and less expensive, which necessitates fully automatic and integrated

production lines. Such a solution has been adopted at Hydro-Québec,

Canada, manufacturing 10-Ah iron-phosphate lithium-ion cells that are assembled

in pack for power applications such as HEV, EVs and stationary storage.

Fig. 2.9 Chart of

manufacturing a Li-ion

battery
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Figure 2.10 compares the performance of various battery technologies envisaged

for HEV and EV applications. Except energy and power density markers, the LFP

chemistry shows the best characteristics in terms of fast charge, cycling, tempera-

ture runway and safety.

2.4.3 Lithium Polymer Batteries

In the 1980s Armand in collaboration with ELF-Aquitaine (France) and Hydro-

Québec (Canada) played a leading role in the development of the lithium polymer

battery (LMP) technology. Armand [123] suggested that solid polymer electrolytes

derived from polyethylene oxide (PEO) might be used as electrolytes in LMP

batteries, and major efforts have been made to produce polymer electrolytes with

high conductivities at room temperature. Polymeric electrolytes are formed by

complexes between salts of alkali metals and polymers containing solvating het-

eroatoms localized on the polymer chains. The most common example concerns

such complexes with PEO chains that are formed by the repeat unit –CH2–CH2–O–.

The solvating heteroatom, here oxygen, acts as a donor for the cationM+. The anion

X�, generally of large dimension, stabilizes the PEO-M+ complex. The first poly-

mer electrolytes had conductivities of less than 10�5 S cm�1 at 25 �C, far too small

for use in normal battery applications. Recently, however, electrolyte compositions

have been produced which exhibit conductivity characteristics competitive with the

properties of nonaqueous liquid electrolytes [124]. These materials have stimulated

major development efforts in polymer electrolyte battery technology. The PEO-MX
complexes may be considered as plastic electrolytes that are a compromise between

liquid and solid crystalline electrolytes. Most of the polymeric batteries are of the

form Li/PEO-Li salt/IC, where IC can be an intercalation compound, but also a

composite electrode including a large amount of active intercalation material. From

an examination of the temperature dependence of the ionic conductivity in polymer

Fig. 2.10 Challenges in

electrode materials for

Li-ion batteries. LFP
lithium iron phosphates.

NMC nickel-manganese-

cobalt oxide. NCA nickel-

cobalt-aluminum oxide.

LMS lithium-manganese

spinel. Ranking: 1¼worst,

5¼ best
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complexes, one can remark the relatively high conductivity at room temperature of

the complexes based on polyphosphazene, due to the low value of the vitreous

transition temperature, Tg, and thus to the flexibility of the chains of the polymer, in

turn related to the small barrier height to rotation of the P-N bond [125].

Positive electrodes of LPM batteries include a lithium-insertion electrode such

as V6O13, TiS2, MnO2, Cr3O8, or LiV3O8 admixed with polymer electrolyte and

conducting carbon for enhancement of the ionic and electronic conductivities,

respectively. The composite electrode (50- to 75-μm thick) is deposited on a thin

copper or nickel foil as current collector of few μm thick, and a film (25–50 μm) of

[(C2H4O)9
LiCF3SO3]n polymer electrolyte completes the cell (Fig. 2.11). For

optimum conductivity, the temperature of the polymer is maintained in the tem-

perature range 80–90 �C. The system examined in the French–Canadian Project

considered the following sequence Li/(PEO)8
LiClO4/TiS2 + PEO+C [124].

Another system including TiO2 as the cathode was cycled in the voltage range

3.0–1.2 V at a C/8 rate. A comparison of both cells shows similar features.

Recently, a LMP battery pack has been developed by Batscap that aims to

demonstrate the feasibility of the high power LMP technology for EV application.

It was especially designed to meet the needs for electric vehicles. This module,

consisting of 12 cells connected in series is equipped with an electronic system

(BMS) that provides thermal management (control of the internal temperature) and

the electrical operation. The main information relating to security (alarm manage-

ment) and the state of charge are managed and communicated to the application.

With features in specific and volumetric energy density above 100 Wh kg�1 and

100 Wh L�1, respectively, the 2.8-kWh BMP module (rated voltage 31 V) devel-

oped by BatScap realizes outstanding performance of lightness (25 kg) and com-

pactness (25 L) and successfully equipped the fully electric Bluecar of the Bollore

group.

2.4.4 Lithium-Sulfur Batteries

The lithium-sulfur (Li-S) battery has been under intense scrutiny for over two

decades, as it offers the possibility of high gravimetric capacities and theoretical

energy densities. Sulfur has a high specific capacity of 1673 mAh g�1, but the rapid

Fig. 2.11 Structure of a

prismatic lithium-ion

battery
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capacity fading due to dissolution of polysulfides poses a significant challenge for

practical applications. The discharge process of Li-S cell occurs with lithium

dissolution from the anode surface and insertion into alkali-metal polysulfide

salts, and reverse lithium plating to the anode while charging [126]. Theoretically,

each sulfur atom can host two lithium ions, but experiments show that only 0.5–0.7

Li+ ions are accommodated. Consequently, polysulfides are reduced while the cell

is discharged according the reactions [126–129]:

S8 ! Li2S8 ! Li2S6 ! Li2S4 ! Li2S3; ð2:19Þ

across a porous diffusion separator, sulfur polymers form at the cathode as the cell

charges:

Li2S ! Li2S2 ! Li2S3 ! Li2S4 ! Li2S6 ! Li2S8 ! S8: ð2:20Þ

These reactions are analogous to those in the Na/S battery. Octasulfur has three

forms: α-sulfur, β-sulfur, and γ-sulfur; the β-sulfur and γ-sulfur are metastable as

they convert to α-sulfur in storage at ambient temperature. A typical discharge and

charge voltage profile of the first cycle of Li//S cells is shown in Fig. 2.12.

Different configurations of Li//S batteries include silicon or lithium anode and a

varieties of sulfur-based cathodes such as pure sulfur, porous TiO2-encapsulated

sulfur nanoparticles, sulfur-coated, disordered carbon nanotubes made from carbo-

hydrates, copolymerized sulfur, sulfur-graphene oxide nanocomposite [129–132].

A 180-Å thick carbon layer was coated onto sulfur cathodes prepared by sputtering

method. Charge–discharge tests show a specific capacity 1178 mAh g�1 at first

discharge, falling to about 500 mAh g�1 after 50 cycles [132]. Ji et al. [130]

reported the feasibility of a highly ordered nanostructured carbon-sulfur cathode

for lithium-sulfur batteries. The conductive mesoporous carbon framework

Fig. 2.12 Typical discharge and charge voltage profile of the first cycle of Li//S cells

58 2 Lithium Batteries



precisely constrains sulfur nanofiller growth within its channels and generates

essential electrical contact to the insulating sulfur. Such a structure favors access

to Li reactivity with the sulfur. Reversible capacities up to 1320 mAh g�1 were

attained. Zheng et al. [131] reported a hollow carbon nanofiber-encapsulated sulfur

cathode for effective trapping of polysulfides, fabricated by using anodic aluminum

oxide templates, and thermal carbonization of polystyrene. A high specific capacity

of about 730 mAh g�1 was observed at C/5 rate after 150 cycles of charge–

discharge. The introduction of LiNO3 additive to the electrolyte was shown to

improve the coulombic efficiency to over 99 % at rate C/5.

2.5 Economy of Lithium Batteries

Let us consider several aspects of lithium battery managements. Figure 2.13 dis-

plays some battery sizes including cylindrical, coin-cell, prismatic and pouch cell.

A 2-Ah 18650 Li-ion cell has 0.6 g of lithium content. On a typical 60 Wh laptop

battery with 8 cells (4 in series and 2 in parallel), this adds up to 4.8 g. To stay under

the 8-g UN limit, the largest battery you can bring is 96 Wh. This pack could

include 2.2 Ah cells in a 12 cells arrangement (4 series-3 parallels). If the 2.4-Ah

cells were used instead, the pack would need to be limited to 9 cells (3 series-3

parallels). Evidently, the eventual commercial acceptability of lithium rechargeable

batteries will depend on their cost effectiveness compared with other types of

battery in the same utilization. In France, the cost of domestic electricity is 1.31€

per kWh including VAT and taxes (in January 2014); a AA-size alkaline Leclanché

cell delivering, say 5 Wh, currently retails at 1.50€. Thus energy from this primary

battery costs 300€/kWh, i.e., more expensive by a factor of over 200 with respect to

the energy provided by domestic electricity.

Information from battery manufacturers are rather sparse but prices have now

slipped to anywhere from $400 to $750 a kWh that means the 85-kWh pack

powering the Tesla electric car costs between $34000 and $6375. A study by

the Boston Consulting Group projected that prices would need to come down to

Fig. 2.13 Various battery

configurations. (a)
LS14250- cylindrical Li//

SOCl2 battery, (b) 4R25-
prismatic (container) cell,

(c–d) CR2020 Li-MnO2

coin cells, (e) AA-type
Li-ion cylindrical (1.5 Ah,

3.6 V, 12.4 g) cell, and (f)
30-Ah pouch (LiMn2O4-

type, 3.8 V, 850 g) cell
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$200 or less per kWh to make electric vehicles truly competitive. With a forecast of

global demand of 26149 MWh by 2015, Sam Jaffe, research manager at IDC

Corporate USA, claims a dramatic reduction in price for Li-ion cells to as low as

$400/kWh [133]. Every year over 15 billion electrochemical cells are produced and

sold worldwide including 40 % of lithium-based batteries. The global transportation

lithium-ion battery market in light duty vehicles will grow from $1.6 billion in 2012

to almost $22 billion in 2020 with a nominal battery pack cost down to $397/kWh.

According to Frost and Sullivan, in 2009, lithium battery market made up 40 % of

the global revenue, overall 37 % of income for Li-ion batteries and 3 % for primary

batteries. Presently, the greater part of general-use LiBs is produced in China,

Japan, and the Republic of Korea. From statistics of calendar year 2013 provided

by METI, the total battery production by volume was 3.46 billion units that

produced a value 683.4 billion yens [134]. This production included 61 % primary

batteries and 39 % secondary batteries (Fig. 2.2).

Battery recycling is a necessary issue to avoid hazardous waste and pollution

especially when automobiles will be electrically powered. The process could be

similar to that used for lead-acid batteries. Estimation made by Chemetall [135]

show that recycling could provide 50 % of the lithium requirement for new batteries

by 2040. Presently, it costs about $1700 to recycle 1 ton of batteries of any

chemistry and size. From calculations by Hsiao and Richter [136], a 100-Ah battery

processed through recycling would return 169 kg of Li carbonate, 38 kg of Co and

201 kg of Ni assuming the LiNi0.8Co0.15Al0.05O2 (NCA) cathode chemistry, for a

total value of the recovered materials that exceeds $5000.

2.6 Battery Modeling

The constraints encountered by electrified automobiles, HEVs, PHEVs, and EVs,

lead to very complex powertrain architectures, which require an optimized energy

management obtained by simulation of the batteries. Battery modeling can help to

predict, and possibly extend its lifetime. Many battery models can be found in the

literature that are electrochemical models and stochastic models; for a review see

Jongerden and Haverkort [137, 138]. The open-circuit voltage (thermodynamic

property) is the main parameter taken into account in the electrochemical model, in

which the charge transfer overvoltage, the diffusion overvoltage and the ohmic drop

are considered (Eqs. 1.6 and 1.7). Due to various nonlinear effects the expression of

the lifetime t¼Q/i does not hold for real battery, thus, a simple approximation for

t under constant load i can be made with the Peukert’ law (Eq. 1.26). The equivalent

circuit used for simulation is obtained from experimental data of electrochemical

impedance spectroscopy (EIS) of the battery at given state-of-charge [139].

Electrochemical properties and battery management of lithium metal and

lithium-ion cells were analyzed using several different models. The electrochem-

ical model developed by Doyle et al. [140–142] consists of six coupled, nonlinear

differential equations whose solutions obtained from the Fortran program named
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“Dualfoil” provide, with a very high accuracy, the voltage and current as functions

of time and parameters of the battery electrolyte. Hageman has proposed the

electrical-circuit models to evaluate Ni-Cd batteries [143]. A typical equivalent

circuit includes five components: (1) a capacitor representing the capacity of the

battery, (2) a discharge-rate normalizer that determines the lost capacity at high

discharge currents, (3) a circuit to discharge the capacity of the battery, (4) a voltage

versus state-of-charge lookup table, and (5) a resistor representing the battery’s

resistance. The Rakhmatov model is an extension of the Peukert’s law based on the

diffusion process of the active materials in the battery. To determine the lifetime

one has to compute the diffusion process described by Fick’s laws. This analytical

model applied to Li-ion cells does even better, with a 2.7 % maximum error and an

average error of less than 1 %.

In the kinetic battery model (KiBaM), Manwell and McGowan [144] used a

chemical kinetics process with the battery charge distributed over two wells. For the

calculation of the voltage during discharge, the battery is modeled as a voltage

source in series with an internal resistance. The KiBaM can be used to model Li-

phosphate-type Li-ion batteries because of the flat discharge profile of such a cell.

The stochastic model based on discrete-time Markov chains was introduced by

Chiasserini and Rao [145]. Modeling of Li-ion batteries has been obtained with a

high accuracy, 1 % error. Later, in 2005, Rao et al. [146] proposed a stochastic

battery model based on the analytical KiBaM. This simulation was successfully

applied to AAA-type Ni-MH batteries with a maximum error of 2.65 %.

Tremblay and Dekkiche [147] presented an easy-to-use battery model applied to

dynamic simulation software using the battery state-of-charge (SOC). Such a model

is very similar to the Shepherd model that describes the electrochemical behavior of

the battery directly in terms of voltage and current, often used in conjunction with

the Peukert equation [148, 149]. However, contrary to the Shepherd model, it does

not produce an algebraic loop. The battery is modeled using a simple controlled

voltage source in series with a constant resistance, as shown in Fig. 1.7. This model

assumes the same features for charge and discharge cycles. The open-voltage

source is calculated with nonlinear Kalman filter that is an equation based on the

actual SOC of the cell:

E ¼ E0 � K
Q

Q� it
þ Ae

�B

ð
idt

� �
; ð2:21Þ

where E is the now-load voltage (V), E0 the battery constant voltage (V), K the

polarization voltage (V), Q the battery capacity (Ah), A the exponential zone

amplitude (V), B the exponential zone time constant inverse (Ah)�1, and

ð
idt the

actual battery charge (Ah).

The long term calendar life of lithium ion cells for satellite and standby appli-

cations was studied by Broussely et al. [150]. In experiments, the capacity evolution

was tracked as a function of storage temperature. Cells containing either LiCoO2 or
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LiNixMyO2 positive electrodes coupled with a graphite negative electrode were

float-charged at 3.8 or 3.9 V. This study focused on losses at the negative electrode

and the data were fit to a model involving a rate-determining step governed by

electronic conductivity of the solid electrolyte interphase (SEI) layer, following

Arrhenius law as a function of temperature.
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Chapter 3

Principles of Intercalation

3.1 Introduction

In chemistry, the term intercalation refers to the reversible process of introduction-

extraction of species (ions or molecules) into a layered host structure, while the

word insertion refers the inclusion in tunnel-like frameworks. Insertion compounds

have been classified in various ways, like dimensionality according the passageway

of the guest into the host (Fig. 3.1). Examples of one-dimensional (1D) structures

are NbSe3, TiSe3, (CH)x and materials crystallizing in the olivine structure. The

most extensively investigated compounds are two-dimensional (2D) lattices such as

transition-metal chalcogenides and oxides. Three-dimensional (3D) solids are

transition-metal oxides MnO2, spinels, WO3, V6O13, etc. In these compounds the

guest species occupy preferential sites with minimum energy that allows easy

travelling across the lattice. Low-dimensional materials are particularly susceptible

to intercalation reactions due to the presence of the weak van der Waals (vdW)

forces between either strongly bonded chains or layers, but three dimensional

materials can also be host to intercalation provided that interstitial sites exist and

that these are accessible to the incoming guest. This usually implies the presence of

channels, which favors fast ionic diffusion.

Intercalation compounds of well-defined stoichiometry are formed by reacting a

host matrix hHi with so-called intercalate atoms or molecules (A). The product of
the heterogeneous reaction,

Hh i þ xA⇆Ax Hh i; ð3:1Þ

is known as an intercalation compound, where x is the concentration of intercalant. For
layered compounds, this process involves breaking of the vdW bonds between

lamellae in the pristine material so that the interslab distance increases to permit the

introduction of a intercalate layer and formation of a new ordered crystalline com-

pound. Figure 3.2 presents the schematic picture of the intercalation process in the

© Springer International Publishing Switzerland 2016

C. Julien et al., Lithium Batteries, DOI 10.1007/978-3-319-19108-9_3
69



lamellarmatrix hHi (a) and themixed-conductor character of the final product (b). The

intercalation process is complicated because the modification of one physical prop-

erty, i.e., slight change in crystallographic parameters in the intercalate layer inevita-

bly alters other properties. Applications of intercalation materials are multiple:

lubricants, batteries [1], catalysts [2], etc.

Fig. 3.1 The types of insertion compounds as a function of the dimensionality. Red circles are
intercalated ions across the host channels

Fig. 3.2 (a) Schematic picture of the intercalation process in a host hHi with a lamellar structure.

Incorporation of A+ ions implies the opening of the van der Waals gap, modification of the lattice

parameters and reduction of the transition-metalM. (b) The mixed-conductor character of the new

product
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One of the main limitations in the overall performance of Li-ion batteries

depends on the intrinsic performance of the materials working as either positive

or negative electrodes. In these materials, the electrochemical reactions occur via a

process known as intercalation that can manipulate their properties. One class of

electrodes includes the layered compounds considered as prototypes in which Li+

ions are inserted/extracted into/from the crystal structure. Many reviews have been

written concerning this peculiar chemical reaction focusing on the electronic and

structural modifications induced by intercalation [3–5]. This phenomenon was early

describes in the case of graphite [6], in layered transition-metal dichalcogenides

(TMDs) [7–9] and later in layered oxides such as LiCoO2 used in the first com-

mercialized Li-ion batteries [10]. As a result, graphite and transition-metal oxides

(TMOs) are the most studied Li insertion hosts because these compounds accept

charge transfer, especially transition-metal cations can undergo oxidation or reduc-

tion without major changes in their coordination number and then without major

changes of the host, which retains basically its integrity in terms of structure and

composition [11].

A lamellar compound implies atomic layers in which the atoms are strongly

bonded by covalent or ionic forces, while the link between the layers is insured by

much weaker forces frequently referred as the vdW interactions [12]. Accordingly,

one says intercalation for introduction of ions or molecules into a lamellar com-

pound—the host—while the term insertion is devoted to other frameworks with

one-dimensional (1D) and three-dimensional (3D) structure. Two major aspects

must be considered for an insertion process taking place (Fig. 3.1):

– A geometric condition that implies an easy access for inserted ions or molecules

into the empty sites of the host lattice.

– An energetic condition that requires electronic states for the exchanged

electrons.

Consequently, most of the intercalation compounds are mixed-conductors, i.e.,

electronic and ionic to some extent, in which the charge transfer occurs between the

intercalant species and the host structure. The tendency for this charge transfer

process is the main driving force for the intercalation reaction and it is one of the

basic properties that make the host framework a suitable cathode material. Inter-

calation is crucial in the working cycle of modern batteries and supercapacitors; it

involves complex diffusion processes along and across the layers.

The structural modification with respect to the pristine compound results in

changes of the unit cell parameters of the pristine material that are related to the

radii of the guest ions, the size of the empty sites of the host lattice and the nature of

these sites, i.e., octahedron or tetrahedron. It has been shown that intercalation of

alkali ions can induce staging phenomenon due to the minimization of repulsive

forces between intercalated cations and a special ordering that results in superstruc-

tures [13, 14].
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3.2 Intercalation Mechanism

Formally, an electrode is defined as an interface between an ionically conductive

electrolyte (A+ or B�) and an electronic conductor [15]. At the junction a chemical

potential μi of the species (A or B) is imposed for the electrochemical reaction):

A⇆Aþ þ e�; ð3:2Þ
½B2 þ e⇆B�: ð3:3Þ

In this ideal scheme, the electrode is a surface without any capacity. The

electrical capacity would be observed only if the surface electrode is expanded in

volume, by interposing a material possessing the three properties of the junction:

(1) an electronic conductivity (e�), (2) an ionic conductivity (A+ or B�) and (3) a

chemical potential (μA or μB2
) imposed. As a consequence, the electrode material

must have a host lattice structure, hHi and participates to the electrochemical

reaction via an intercalation mechanism (Fig. 3.1)

xAþ þ xe� þ□x Hh iÆ AxHh i; ð3:4Þ
xB� þ□x Hh iÆ BxHh i þ xe�: ð3:5Þ

where □ x designs an empty lattice site. The electrolyte and the current lead have in

this case the sole function to carrying charged species, and do not enter the

electrochemical process by dissolution and transport of neutral reactants. An

intercalation electrode can thus operate in totally solid-state system, the rate

depending only on the transport properties in the bulk of the host lattice. From

the historical view point, two steps should be evoked: (1) the chemical intercalation

in graphite compound recognized by Shaufhautl in 1840 [16] and (2) the concept of

electrochemical intercalation and its potential use in compounds for battery elec-

trodes has been clearly defined in 1972 by Steele [17] and Armand [18].

The intercalate acts as a source and a sink of either A or B. In practice, there are

very few examples of an anionic intercalation mechanism (graphite salts BxC), and

we mainly restrict ourselves to the intercalation of monopositive species. Among

them, Li plays a dominant role, as a large majority of studies deal with compounds

of this light element. Synchronous or consecutive intercalation of different guest

species may basically occur by the exchange reactions:

xAþ yBþ□x Hh i ! AxByH
� �

; ð3:6Þ
xAþ□xBy Hh i ! AxByH

� �
; ð3:7Þ

xAþ Bx Hh i ! xBþ AxHh i; ð3:8Þ
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3.3 The Gibbs’ Phase Rule

For a given redox couple, the potential of an intercalation electrode considered as

solution of guest A in the host lattice hHi is provided by the classical thermody-

namic law:

V xð Þ ¼ � 1

zF

∂ ΔGð Þ
∂x

þ constant; ð3:9Þ

where ΔG denotes the variation in the Gibbs energy of the system, x is the

composition, z the number of electrons involved and F the Faraday’s constant. V
(x) is thus the electrode potential as a function of the composition x in hAxHi.

In a closed system at equilibrium, the Gibbs’ phase rule states that the relation

between the number of degrees of freedom, f, and the number of independent

components, c, is given by:

f ¼ c� pþ n; ð3:10Þ

where p is the number of phases and n is the number of the intensive variables

necessary to describe the system, except for the mole fractions of the components in

each phase. The number of thermodynamic parameters must be specified in order to

determine all of the associated properties. In electrochemical studies, the intensive

variables are only temperature and pressure. Hence, Gibbs’ phase rule has the

simplified form:

f ¼ c� pþ 2: ð3:11Þ

The cathode can be treated as a binary system (c¼ 2) consisting of Li and the

host. Since the temperature and the pressure are kept constant in the experiments,

the degrees of freedom reduce to:

f ¼ 2� pþ 2ð Þ � 2 ¼ 2� p: ð3:12Þ

If only one phase exists in a particle, p¼ 1 and f¼ 1; therefore, the potential has

a degree of freedom and varies with the lithium concentration. On the other hand, if

the particles contain two phases (Fig. 3.3a), p¼ 2 so that f¼ 0, in which case no

intensive variable has a degree of freedom, meaning the cell potential cannot

change; it is a constant, Const. A wide voltage plateau is observed in the composition

range α1� x� β1 as shown in Fig. 3.3b:

∂ ΔGð Þ
∂x

¼ Const ! V xð Þ ¼ Const: ð3:13Þ

A general feature is the fact that the insertion or deinsertion process for the

LixMPO4 (M¼ Fe, Co, Ni) olivine materials is a two-phase process at temperature
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of interest. It means that, for instance, the LixFePO4 solid solution does not exist

unless x is close to zero or close to 1. As a consequence, a rapid demixing occurs,

and we are left with a two-phase system, namely Li1-αFePO4 (Li-rich) and

LiβFePO4 (Li-poor), where α and β denote the width of the single-phase region in

Fig. 3.3.

For big (micrometer size) particles, α� β� 0, and we can simply write the bulk

material at intermediate concentrations under the form xLiFePO4 + (1 - x)FePO4.

For nanoparticles, the two-phase domain is reported to shrink, so that the Gibbs

energy varies according to the scheme represented in Fig. 3.4a. Accordingly, the

voltage plateau is shorter (Fig. 3.4b) due to the wider α and β single-phase regions.
The corresponding voltage profile for the Li//LiFePO4 half-cell with nanosized

cathode particles shown in Fig. 3.4b displays a reduced voltage plateau over the

concentration range α2� x� β2 with α2> α1 and β2> β1.
Figure 3.5a displays a multiphase system with three phases noted I, II, III. The

intermediate–single phase emerges at stoichiometric compositions β–γ. Conse-
quently, an energetically favorable interstitial site becomes fully occupied. For

Fig. 3.3 (a) Schematic representation of the Gibbs rule for a two-phase system, (b) the cell

voltage profile shows a plateau in the composition range α1� x� β1 for the bulk material

Fig. 3.4 (a) Schematic representation of the Gibbs rule for a two-phase system, (b) cell voltage
vs. composition for nano-sized material

74 3 Principles of Intercalation



example, this case is met in the LiNi0.5Mn1.5O4 spinel, a high-voltage cathode

material for which the potential curve exhibits two plateaus (Fig. 3.5) in the range

α–β and γ–δ.

3.4 Classification of Intercalation Reactions

The intercalation process is a dissolution of A (as A++e�) in the solvent hHi. As
discussed by Armand, the properties of the solute hAxHi depend on the host-guest

interactions [15]. The different cases are discussed in this section.

3.4.1 The Perfectly Nonstoichiometric Compounds: Type-I
Electrode

These compounds are defined by the intercalation reaction, Eq. (3.3) for which the

x quantity can vary continuously from zero to a maximum value xmax as

0< x< xmax. We define:

y ¼ x

xmax

; ð3:14Þ

as the degree of occupancy. These materials constitute solid-solutions prepared by

electrochemical injection of ions into non stoichiometric electrodes as defined by

Steele [19]. Selected materials can function as a host lattice for the incorporation of

elements such as hydrogen, lithium, sodium which may be employed as the

electroactive species in a variety of electrochemical devices. Then these materials

can be used as solid solution electrodes (SSEs).

The type I electrode is an ideal case for the reversible electrochemical reaction

where the transport of matter occurs through a double flux of charged species

Fig. 3.5 (a) Schematic representation of the Gibbs rule for a multiphase system, (b) voltage
plateaus appear between the phase instabilities
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(A++e�) in the bulk of the material whatever the concentration. This case is

illustrated in Fig. 3.6. Examples are HxMnO2, LixTiS2 and LixNbSe2 (0< x< 1)

electrodes. According to Eq. (3.9), the intercalation electrode, considered as solu-

tion of A in the host lattice hHi has thus a potential written as:

V ¼ �1

F
μ Að Þ Hh i þ Co; ð3:15Þ

where μ(A)hHi denotes the chemical potential of A in the hHi phase and Co is a

constant. The electrode potential is a function of the composition x in hAxHi. In the
simplest ideal case, the potential of A is sum of the chemical potential contribution

from the ions and the electrons:

μ Að Þ ¼ μ Aþð Þ þ μ e�ð Þ: ð3:16Þ

The host lattice hHi keeps this integrity through the intercalation reaction, fixing the
concentration of sites available for A+ ions. The chemical potential of the ionic

contribution is:

μ Aþð Þ ¼ μ o
i þ RTln

ξos
ξes

¼ μo
i þ RTln

yi
1� yi

: ð3:17Þ

where ξos and ξes are the number of occupied and empty sites, respectively. The

valence electrons are fermions, and are distributed in the lattice in a band of energy

width L. Fermi–Dirac statistics have then to be used to determine the total band

occupancy ye:

ye ¼

ð y o
e þL

μ o
e

D Eð Þ 
 f Eð ÞdEð y o
e þL

μ o
e

D Eð ÞdE
; ð3:18Þ

Fig. 3.6 Shape of the

potential-composition curve

for type-I electrode
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where f(E) is the Fermi function and D(E) the density of state. Eq. (3.18) can be

simplified with the hypothesis that the electron band is narrow (L¼ 0 for a Dirac

function), a logical assumption in the case of ionic crystals:

exp
μe � μo

e

RT

	 

¼ ye

1� ye
; ð3:19Þ

Equation (3.17) thus becomes:

μe ¼ μo
e þ RT 
 ln ye

1� ye
: ð3:20Þ

Then the electrode potential E is compiled from Eqs. (3.15), (3.16), and (3.20):

V ¼ Vo � RT

F

 ln yi

1� yi
: ð3:21Þ

Equation (3.19) implies two possibilities: one type of site is limiting:

yi ¼ y ¼ x

xmax

;when ye � yi; ð3:22aÞ

and

ye ¼ y ¼ x

xmax

, when yi � ye: ð3:22bÞ

Or both types of sites are simultaneously limiting yi ¼ ye ¼ y ¼ x
xmax

and finally the

potential for the type I electrode is given by:

V ¼ Vo � nRT

F

 ln y

1� y
; ð3:23Þ

with n¼ 1 or 2.

This basic model takes only into account the entropy term, the enthalpy being

supposed constant. Interactions between guest species contribute to a new energy

term proportional to the site occupancy, leading to:

V ¼ Vo � nRT

F

 ln y

1� y
� Ky: ð3:24Þ
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This is the master equation for which the potential is a smooth decreasing

function of the degree of occupancy ∂E/∂y< 0 imposing:

K <
4nRT

F
: ð3:25Þ

Thus, attractive interactions are for positive values of K and repulsive interac-

tions occurs for K< 0. Figure 3.6 shows the potential-composition curve for the

type-I electrode with no interaction and repulsive-attractive interactions. With

n¼ 1, K¼ 0, this corresponds to the experimental determination of the HxMnO2

electrode in Leclanché cells [20]. Considering the experimental data in LixTiS2,

good agreement is obtained with n¼ 2 and K¼ 0.22 eV [21]. Steele [19] has

established the criteria for a nonstoichiometric SSE, AxMXy incorporating

electroactive species A.

3.4.2 The Pseudo Two-Phase System: Type-II Electrode

The condition expressed by Eq. (3.19) is no longer valid as type II electrode

materials have narrow nonstoichiometric domains (Fig. 3.7). When the host lattice

contains a transition-metal elementM, the electrons injected in the insertion process

are distributed in the empty d orbitals. The decrease in the formal oxidation state

Mnþ ! M n�1ð Þþ results in a change of either the ionic radius of the coordination

shell symmetry (Jahn-Teller effect), inducing strains on the hHi framework. This

situation is expressed as a strong positive interaction term proportional to the

number of intercalated species (Eq. 3.19). It appears that the existence of a

maximum of potential V(x) implies some instability in the [ε–λ] domain. As a

consequence, the voltage composition curve shows a plateau in the “forbidden

composition range” due to the equilibrium of the two pseudo-phases.
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3.4.3 The Two-Phase System: Type-III Electrode

Figure 3.8 shows the voltage-composition profile for an electrode in which

two-phases AzBX and BX coexist. This system obeys to the Gibbs phase rule, for

which the existence of the forbidden composition-range implies instabilities in the

ε–λ domain due to some relaxation of the lattice [22]. As a consequence, the voltage

composition curve shows a plateau in the “forbidden composition range” due to the

equilibrium of the two pseudo-phases. As the voltage is the derivative of the change

in Gibbs energy:

V xð Þ ¼ � 1

zF

∂ ΔGð Þ
∂x

; ð3:26Þ

it implies constant value for type-III electrode:

∂ ΔGð Þ
∂x

¼ Const ! V xð Þ ¼ Const: ð3:27Þ

This is the case of the popular phospho-olivine compound LiFePO4 for with the

insertion reaction can be represented by:

FePO4 þ xLiþ þ e� ! LixFePO4, for 0 � x � ε,
LiεFePO4 þ xLiþ þ e� ! LiεþxFePO4, for ε � x � λ,
LiλFePO4 þ xLiþ þ e� ! LiλþxFePO4, for λ � x � 1;

ð3:28Þ

for which the eligible parameter that obey the Gibbs rule is p¼ 2, so that f¼ 0,

giving no intensive variable in the ε� x� λ composition region.
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3.4.4 The Adjacent Domain: Type-IV Electrode

Ordered sublattice can appear as the A concentration increases in the host structure,

in the range 0< x< xl, for phase 1 and xk< x< xj for phase j, with xk< xl defining a
coexistence domain [xk,xl] . Each pseudo phase corresponds to a different host-guest
interaction. The expression of the potential-composition profile becomes:

Vl, j ¼ V o
l, j �

nRT

F

 ln yl, j

1� yl, j
; ð3:29Þ

where yl,j represents the degree of occupancy of the l, j phase sites, respectively.

The pseudo-phases are in equilibrium for Vj¼Vl, thus, we have implicitly access to

the chemical potential as a function of the global occupancy y. The corresponding
curve is presented in Fig. 3.9. Such profile has been evidenced for NaxTiS2 [23].

3.5 Intercalation in Layered Compounds

In this section we limit our discussion to a general presentation of the alkali-metal

intercalation compounds; the synthesis of ICs and the geometrical factors affecting

the intercalation in lamellar compounds, i.e., transition-metal dichalcogenides and

transition-metal oxides are discussed. The electronic side is described in the

following Chapter.

3.5.1 Synthesis of ICs

Ternary compounds AxMX2 (A¼ alkali metal; M¼ transition metal; X¼ S, Se;

0< x� 1)were first described byRüdorff [24] andOmloo and Jellinek [25]. Layered

MX2 compounds probably represent on of the best host structure examples capable
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of providing intercalation compounds. Several methods were used to prepare alkali

intercalation compounds as follows.

– Use of alkali metal solutions in liquid ammonia that leads to fast reactions. A

good procedure consists of using thick-walled sealed Pyrex tubes through

chosen temperature gradients to separate ammonia from IC product [26].

– Solution of butyllithium (C4H9Li) in hexane (0.4 M or less) serves as a good

reagent to perform the intercalation [18, 27]. Intercalation starts from the edges

of the sample exposed to the solution, and further proceeds to the core. As shown

in Fig. 3.10, the relative energetic levels of the n-type semiconductor MoO3,

with bandgap Eg and ionization energy Ei are compared to the decomposition

potential of n-butyllithium [28].

– Solid state reactions [29].

– Electrochemical insertion in which the host is employed as cathode. This method

has been intensively used to prepared alkali metal bronzes [23].

– Redox reactions in alkali halide melts [30].

– Growth of single crystal via solutions in liquid ammonia [30].

– In situ decomposition of alkali metal derivatives using lithium hydride heated at

900 �C.

3.5.2 Alkali Intercalation into Layered Compounds

In a battery operation there will be repeated charging and discharging. The alkali

ion insertion/extraction process of a solid-state host matrix undergoes reduction–

Fig. 3.10 Intercalation of

Li+ ions into MoO3 using

the n-butyllithium

technique is very easy as the

Fermi level is pinned

against the conduction band

minimum, indicating a

strongly n-type material

with Ei� 6.7 eV and

Eg¼ 3.1 eV
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oxidation (redox) reactions. This concept was first illustrated with compounds that

have a layer structure [4]. Figure 3.11 shows the scheme of the reversible lithium

ions intercalation into the vdW gap or interlayer space between the sulfide layers in

host matrix MS2. The structure of a transition-metal disulfide MS2 can be easily

visualized by removing alternative metal (M ) layers from otherwise regular stacks

of 2D close-packed structure . . .S-M-S-(M )-S-M-S. . . The void thus created

becomes the vdW gap, naturally separating the S-M-S sandwiches. Intercalation

results in the occupation of the voids by foreign species (ions or molecules). For

mechanical rigidity it is important to ensure a minimum perturbation to the struc-

ture of the electrode material in such processes. Two structural modifications

generally occur when a layered framework is intercalated. One is the increase in

the vdW gap due to extra space needed to accommodate the intercalant Li+ ions,

and this can be minimized by choosing small ions such as lithium. The second is a

more subtle change taking place in the internal structure of the sandwich layer as

the total number of valence electrons in the host layer is altered [12]. This change of

valence electrons is, of course, a direct consequence of the charge transfer from the

intercalant ions, and the additional electron will have to be accommodated within

the host’s electronic configuration. Let consider the case of TiS2. During the

discharge process of the Li//TiS2 battery, the charge balance is maintained by a

reduction of the Ti4+ ions to Ti3+ according the reaction:

xLiþ þ xe� þ□xTi
IVS2 ÆLix TiIIIxTi

IV
1�x

� �
S2: ð3:30Þ

This reaction is energetically favored, giving an open-circuit voltage which varies

between 2.4 V (x¼ 0) and 1.8 V (x¼ 1). The decrease of Voc is in part due to the

increase in the Fermi energy in the titanium d band, but it is limited to only 0.6 V as

a consequence of the high value of the density of states in this d band. As the

electrons flow to the cathode the latter acquires a negative electric potential, which

in turn provides an electric field within the electrochemical cell, driving the positive

ions to the cathode. Then, the transition-metal cation is reduced from MIV to MIII

(Eq. 3.29), which modifies the atomic distances in the S-M-S slab with the change

of the ionic radii of M. As a general rule, the voltage-composition profile of the

electrochemical process is governed by several factors: the nature and the energy of

Fig. 3.11 The lithium ions intercalation into the van der Waals gap between the slabs of a layered

compound
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the site occupied by the foreign species, the size of the intercalants, the amount of

intercalation, the ionicity of the bonds, and the ability of the host to accommodate

the electronic exchange [26]. Note that intercalation of very electro-positive ele-

ments such as alkali metals determine the ionization the MXn host as A
+[MXn]

�.
The filling of empty sites in the host introduces geometrical aspects regarding

local structural effects such as (1) symmetry of the occupied site, (2) ordering in the

van der Waals gap and (3) a global change in the structure with the c-axis expansion
in the direction perpendicular to the basal plane of slabs. From the structural view

point, the intercalated species can occupy either octahedral or trigonal prismatic

sites between slabs of a layered compound.

The intercalation of A+ ion into the MX2 matrix implies a delocalization of the

electrons, which leads to the ionization following the schemeAþ
x MX2ð Þ�. Under these

conditions, the parameter variations can result from the action of two conflicting

factors: a geometric space factor related to the size of the inserted ion, which tends to

cause the exaltation Δc parallel to the c-axis, but also an electric attraction between

ionized sheets (MX2)
� and A+ layers, which tends to counteract the previous effect. A

trigonal-prismatic phase corresponds to a weak bonding of A. The effect due to the

electric increases with the amount of alkali inserted and reflects the apparently

abnormal contraction of c as x increases. Octahedral phase represents instead a

compact structure: an increase in the alkali content can cause contraction due to

more stringent geometric requirements, the parameter c increases slightly with x.

3.6 Electronic Energy in ICs

The operating potential of a cell is limited by the open-circuit voltage Voc. The

potential difference across terminals of the battery when no current is being drawn

(Eq. 1.6), is the difference in the electrochemical potential of the anode μA and the

cathode μC. For a high-voltage cathode that is a semiconductor in nature, μC is the

Fermi level [31]. Let consider the case of the 4.7-V LiNi1/2Mn3/2O2 (LNM). If the

active transition-metal cation contains a localized d-electron manifold, the manifold

acts as a redox couple, e.g., Ni2+/4+ in LNM. Successive redox couples are separated

by an on-site effective Coulomb correlation energyU (Hubbard potential) that can be

large when augmented by either a crystal-field splitting or an intra-atomic exchange

splitting [32]. However, when the Fermi energy EFC of the cathode material

approaches the top of the anion p bands of the host, the p-d covalent mixing may

transform the correlated d electrons at EFC into band electrons occupying

one-electron states. In the absence of a crystal-field splitting of the d orbitals at

EFC, which is the case for Ni(IV) to Ni(II), the one-electron states are not separated by

any on-site energy U and there is no step in the voltage of the battery. EFC is moved

from one formal valence state to another upon the reduction or oxidation of the host.

Figure 3.12 shows a comparison of the schematic density of states and Fermi

energies for (a) LixNi0.5Mn1.5O4 spinel and (b) LixNiPO4 olivine cathodes. Access

to Ni(III) and (Ni(IV) valence states is possible in the spinel case, while the
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Mn5+/Mn4+ couple lies well-below the top of the O 2p bands; the solid electrolyte

interphase (SEI) layer formed at voltage V> 4.3 V is self-limiting and

Li-permeable. On the other hand, the properties of LixNiPO4 (LNP) are greatly

influenced by the counteraction of the (PO4)
3� polyanion on the Ni2+/Ni3+ couple

that is pinned at the top of the O 2p bands, which provides an intrinsic voltage limit

for this cathode.

3.7 Origin of the High Voltage in ICs

Let consider the electrochemical reaction in the high-voltage cathode

LixNiyMn2�yO4 [31–35]. Using ultraviolet photoelectron spectroscopy, Gao

et al. [34] studied the top of the valence band of LiNiyMn2�yO4 spinel structure

for a series of samples with 0.0< y< 0.5. A partial density of states attributed to Ni

3d electrons is located about 0.5-eV above that of the Mn 3d eg electrons. When

y¼ 0, the voltage plateau of Li//LiMn2O4 is located at 4.1 V. As y increases, the

capacity associated to the 4.1 V plateau decreases as 1–2y Li per formula unit and a

new plateau at 4.7 V appears. The capacity associated to the 4.7 V plateau increases

as 2y Li per formula unit, so that the total capacity of the samples (the sum of the

contributions from the 4.1 and 4.7 V plateau) is constant. This is taken as evidence

that the oxidation state of Ni in these samples is +2, and therefore they can be

written as LiþNi2þy Mn3þ1�2yMn4þ1þyO
2
4 [36].

Fig. 3.12 Schematic density of states and Fermi energies for (a) LixNi0.5Mn1.5O4 spinel and (b)
LixNiPO4 olivine cathodes. The origin of energies is chosen at the Fermi energy of lithium metal
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The 4.1 V plateau is related to the oxidation of Mn3+ to Mn4+ and the 4.7 V

plateau to the oxidation of Ni2+ to Ni4+. The reason for this behavior is shown in

Fig. 3.13. The crystal field splits the 3d levels of Mn and Ni octahedrally coordi-

nated with oxygen into eg and t2g levels [36]. For Mn3+, among the four 3d4

electrons with majority spin (") three electrons are on t2g(") and one electron is

on eg("). In the low-spin configuration, the 3d8 electrons of Ni2+ have six electrons

on the t2g("#) level and two electrons on the eg("#) level. As an electron is removed

from Mn3+, it is removed from Mn eg("), which has an electron binding energy at

around 1.5–1.6 eV, and this is on the 4.1-V plateau. When there are no more

electrons left on Mn eg(") (all Mn are oxidized to Mn4+), electrons are removed

from Ni eg("#) which has an electron binding energy of about 2.1 eV, and the

voltage plateau moves up to 4.7 V because of the increased energy needed to

remove electrons. Table 3.1 lists the electrochemical data of the high-voltage

cathode materials.

3.8 Lithium Battery Cathodes

In order for a lithium insertion compound to be a successful cathode in secondary

lithium cells, it should have several features:

1. The insertion compound LixMyXz (X¼ anion) should have a high lithium chem-

ical potential (μLi(c)) to maximize the cell voltage. This implies that the transition

metal ion Mn+ in LixMyXz should have a high oxidation state.

2. The insertion compound LixMyOz should allow an insertion/extraction of a large

amount of lithium x to maximize the cell capacity. This depends on the number

Fig. 3.13 Schematic

diagram showing the 3d
electronic levels of Mn3+

and Ni2+ in LiNiyMn2�yO4

spinel. It is noted that Ni2+

favors the low-spin

configuration in

LiNiyMn2�yO4
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of available lithium sites and the accessibility of multiple valences for M in the

insertion host.

3. The lithium insertion/extraction process should be reversible with no or minimal

changes in the host structure over the entire range x of lithium insertion/extrac-

tion in order to provide good cycle life for the cell.

4. The insertion compound should have good electronic conductivity σe and

lithium-ion conductivity σLi to minimize polarization losses during the dis-

charge/charge process and thereby to support a high current density and power

density.

5. The insertion compound should be chemically stable without undergoing any

reaction with the electrolyte over the entire range x of lithium insertion/

extraction.

6. The redox energy of the cathode in the entire range x of lithium insertion/

extraction should lie within the band gap of the electrolyte to prevent any

unwanted oxidation or reduction of the electrolyte.

7. From a commercial point of view, the insertion compound should be inexpen-

sive, environmentally benign, and lightweight. This implies that the Mn+ ion

should be preferably from the 3d transition series.

Figure 3.14 shows the cell voltage vs. capacity for various intercalation com-

pounds used in lithium batteries. In the past few years, Li-ion batteries have been

introduced into the consumer market, particularly the cellular phone and camcorder

segments. Li-ion batteries excel through their high cell voltage, low weight and

volume for given stored energy, favorable power output, and long cycle life. These

outstanding features have led to considering Li-ion batteries for EV

applications [37].

The energy μC or μA is given by the Fermi energy of an itinerant electron in a

metallic electrode like in carbon, or by the energy of a localized d-electron

Table 3.1 Electrochemical data for high-voltage cathode materials

Cathode material

High-voltage plateau

redox couple

Discharge voltagea

(V vs. Li+/Li)

Theoretical capacity

(mAh g�1)

LiNi0.5Mn1.5O4 Ni2+/4+ 4.7 147

LiNi0.45Mn1.45Cr0.1O4 Ni2+/4+/Cr3+/4+ 4.7/4.8 145

LiCr0.5Mn1.5O4 Cr3+/4+ 4.8 149

LiCrMnO4
b Cr3+/4+ 4.8 151

LiCu0.5Mn1.5O4 Cu2+/3+ 4.9 147

LiCoMnO4
b Co3+/4+ 5.0 147

LiFeMnO4
b Fe3+/4+ 5.1 148

LiNiVO4 Ni2+/3+ 4.8 148

LiNiPO4 Ni2+/3+ 5.1 167

LiCoPO4 Co2+/3+ 4.8 167

Li2CoPO4F Co2+/4+ 5.1 115
aVoltage of the upper plateau
bA partial delithiation occurs at ca. 4 V vs. Li+/Li due to the Mn3+/4+ redox couple
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associated to the redox coupleMn+/M(1+n)+ of a transition-metal cation. The energy

ofMn+/M(1+n)+ is dependent of two factors: (1) the formal valence state of the cation

and (2) the covalent component of its nearest-neighbor bonding. Thus, the structure

influences the site and character of the counter-cation and the Madelung energy of

the ionic component of the atom bonding. As a consequence, the intrinsic voltage

vs. Li0/Li+ is determined by the position of the redox couple relative to the top of an

anion p band or to the bottom of a conduction band. As an example, Fig. 3.15

3.0

3.5

4.0

4.5

5.0

0 50 100 150 200 250

Normal spinel

Layered rock-salt

Inverse spinel

Olivine

C
el

l v
o

lt
ag

e 
(V

 v
s.

 L
i0 /

L
i+ )

Specific capacity (mAh/g)

LiCoO2

LiNiO2

LiCoVO4

LiNiVO4

LiMn2O4

LiMnCrO4

LiMnCoO4

LiMn1.5Ni0.5O4

LiCoPO4 LiCoPO4
(theoretical)

(theoretical)

(HQ, SONY)

LiFePO4

(NTT)

200 Wh/kg 400 Wh/kg 600 Wh/kg

800 Wh/kg

1000 Wh/kg

Fig. 3.14 Cell voltage vs. capacity for various intercalation compounds used in lithium batteries

Fig. 3.15 Discharge profiles of lithium cells with cobalt- and vanadium-contained cathodes. The

average discharge potential is reported
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illustrates the role of polyanions against a layered framework in cobalt- and

vanadium-containing lithium insertion hosts, for which positions of the redox

energies relative to the Li0/Li+ changes as a function of the iron environment.

However, the ranges of cell potentials that are exhibited by host structures into/from

which Li+ ions are reversibly inserted/extracted. LiCoO2 and V2O5 are lamellar

compounds and the LiCoPO4 olivine and Li3V2(PO4)3 Nasicon-like show the

influence of the (PO4)
�3 polyanion on the Co3+/2+ couple relative to the Co4+/3+

couple in the layered structure. The upper voltage of Li3V2(PO4)3 comes from the

V4+/3+ couple, while V5+/4+ for V2O5.

3.9 Conversion Reaction

A new reactivity concept has taken the advantage of nanostructured materials in

which a change of the reaction pathway is noticed, affording high capacities and

good cycling behavior of battery systems. One such reaction pathway is referred to

as a “conversion reaction.” By using a binary transition-metal MyXz compound

(M¼ Fe, Mn, Ni, Co, Cu; X¼O, S, P, S), the conversion reaction is expressed as:

MxXy þ yne� þ ynLiþ $ xM0 þ yLinX; ð3:31Þ

where n is the formal oxidation state of the anion. The conversion mechanism

implies 3dmetal nanoparticlesM0 as final product embedded in a Li2O matrix. The

conversion reaction exhibits two fingerprints: (1) a representative voltage plateau

with length typically equivalent to the amount of electrons required to fully reduce

the compound and (2) a large voltage difference between charge and discharge that

results in poor energy efficiency [38]. Remark that conversion reactions have long

been proposed for use in primary battery systems (see Chap. 2) that are still utilized

today, for instance, the Li/CuO and Li/CFx systems [39]. In advanced lithium

rechargeable batteries, materials presenting conversion reactions have already

been reported such as oxides (e.g., CoO, NiO, Fe2O3, MoO2), sulfides (e.g., CuS,

FeS, NI3S2), fluorides (e.g., FeF3, CoF2, NiF2), and phosphides (e.g., NiP3, Cu3P,

FeP2) with different degrees of reversibility [40]. The key of reversibility of the

conversion reaction lied in the morphology of the binary M–X compounds, the

decomposition to nanoparticles (5–12 nm in diameter) upon complete reduction of

the metal M0 (during first discharge) and the formation of the lithium binary LinX
compound. Generally, the nanometric character of the M0 particles is maintained

after few reduction-oxidation cycles. Materials that undergo a conversion reaction

with lithium often accommodate more than one Li atom per transition-metal cation,

and are promising candidates for high-capacity electrodes for lithium ion batteries.

More complex systems have recently shown new insights into their electrochemical

features such as the Ni0.5TiOPO4/C composite battery anode material suggesting a
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combination of intercalation and conversion reactions [41]. Finally, notice that a

conversion reaction implies an electrochemical process via the formation of a

binary lithium-based compound LinX such as Li2O, LiF, or Li2S. This aspect is

widely exposed in Chap. 10 on negative electrode materials.

3.10 Alloying Reaction

For more than three decades, lithium metal alloys LixMy (M¼Al, Sb, Si, Sn, etc.)

have been extensively studied such as negative electrode materials for Li-ion

batteries. They exhibit specific capacities higher than conventional graphite

anode, i.e., 372 mAh g�1, for instance Li4.4Sn and Li4.4Si have 993 and

4200 mAh g�1, respectively. Drawback of alloy formation is a large volume

expansion–contraction inducing cracks and pulverization that can be reduced

replacing bulk material with nanostructured particles. As an example, the alloying

process of Li with Sb is expressed by [42, 43]:

Sbþ 3Liþ þ 3e� ! Li3Sb; ð3:32Þ

with a theoretical specific capacity of 660 mAh g�1.

An alternative approach consists in the replacement of the single metal alloy

with an intermediate phase M0M00 formed by an intermetallic compound for which

the electrochemical process includes the displacement of one metal to form the

expected alloy LixM
00, while the other metal, M0, which is electrochemically

inactive plays the role of matrix to buffer the volume changes during the alloying

process. This approach, first suggested by Huggins [44] and Besenhard [45], has

been applied to several systems. As an example, let consider the case of the

intermetallic compound Ni3Sn4 for which the electrochemical process occurs via

two steps:

Ni3Sn4 þ 17:6Liþ þ 17:6e� ! 4Li4:4Snþ 3Ni; ð3:33Þ
4Li4:4Sn ! Snþ 4:4Liþ þ 4:4e�; ð3:34Þ
Snþ 4:4Liþ þ 4:4e� ! 4Li4:4Sn: ð3:35Þ

The initial step, Eq. (3.33), consists of the activation of Li alloy, Li4.4Sn, with the

formation of a nickel matrix followed by the reversible electrochemical reactions,

while Eqs. (3.34) and (3.35) represent the steady-state process with the theoretical

specific capacity of 993 mAh g�1. Currently, 50-nm sized Ni3Sn4 nanoparticles

delivered a practical capacity of ca. 500 mAh g�1 after 200 cycles [46].
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Chapter 4

Reliability of the Rigid-Band Model
in Lithium Intercalation Compounds

4.1 Introduction

Layered compounds, in particular the transition-metal dichalcogenides (TMDs) and

transition-metal oxides (TMOs), can be intercalated with a wide range of both

organic and inorganic materials which may have a profound influence on the

physical properties of the host compound [1]. The intercalation reaction in these

compounds is driven by charge transfer from the intercalant to the host layered

compound conduction band and thus electron-donating species can take place in

such a reaction. The reversible ion-electron transfer reaction is classically

represented by the scheme:

xAþ þ xe� þ Hh i , Aþ
x Hh ix�; ð4:1Þ

in the usual case where hHi is the host material, A an alkali metal and x the molar

intercalation fraction. The electronic transport plays an important role in such

reaction toward the formation of intercalation compounds. It also governs the

phase transitions as the parameter expansion of the host structure has an electronic

component. Consequently, it is possible to consider three classes of intercalation

reaction that correspond to the different steps in the delocalization of the transferred

electrons. The level of acceptance can be either a discrete atomic state, or a

molecular level of a discrete polyatomic entity existing in the structure, or part of

a conduction band.

In this chapter, we present the physical properties of cathodes materials and

verify the applicability of the rigid-band model for intercalation compounds with a

layered structure namely transition-metal chalcogenides MX2 (M¼Ti, Ta, Mo, W;

X¼ S, Se) and oxides LiMO2 (M¼Co, Ni) as well. Electrical and optical properties

are investigated. For some materials, we observe different degrees of irreversibility

in the intercalation process and lattice evolution to the complete destruction of the

host. Since the purpose here is the study of the materials in the framework of
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materials science, all the electrochemical properties reported in this chapter have

been recorded at low rate C/12 or C/24 to be close to thermodynamic equilibrium so

that they can be related to the physical properties.

4.2 Evolution of the Fermi Level

Let consider the schematic representation of Fig. 4.1 providing an easy way to

visualize the energetic levels of the three active components of a lithium battery

that are the negative and positive electrodes and the electrolyte. Taking into account

the description of physicists, the vacuum refers the zero-energy level. The electronic

band structure of a material is characterized by three energies: the work function

W that is the minimum thermodynamic energy to remove an electron from the Fermi

level of a solid to the vacuum W¼Evac�EF, the electron affinity EEA¼Evac�Ecb

that is the energy obtained by moving an electron from the bottom of the conduction

band to the vacuum and the band gap Eg¼Evb�Ecb is the energy separation

between the valence band Evb and the conduction band Ecb. The negative electrode

is lithiummetal, which is an infinite reservoir of electrons; so electrons in ametal can

be viewed as free electrons in a conduction band withW(Li)¼EEA(Li)� 1.5 eV. The

electrolyte is an electronic insulating medium characterized by a wide band gap

Eg> 4 eV, which is the separation between the occupied and unoccupied molecular

orbital energies that are HOMO and LUMO level, respectively. The case of the

positive electrode is more complex as it is a semiconductor with various locations for

the Fermi level that is not necessarily at the position EF¼ (Ecb +Evb)/2. For instance,

TiS2 is a degenerate semiconductor with Eg� 0.2 eV [2], while LiCoO2 is a p-type

semiconductor with Eg� 2.4 eV andW¼ 4.36 eV that makes the Fermi level 0.4 eV

above the top of the valence band [3].

Fig. 4.1 Schematic representation of the electronic structure of the active elements of a lithium

battery. EEA indicates the electron affinity, W represents the work function and Eg is the band gap

energy of the materials
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The rigid-band model (RBM) is a useful approximation for describing the

changes in electronic properties of the host material with intercalation. Sellmyer

[4] distinguishes two versions of the rigid-band model for dilute solid solutions,

which might be called the electron-gas RBM and the screened-impurity RBM. In

the former, described mainly by Jones [5], the valence electrons are regarded

essentially as in plane wave states and the only effect of alloying with an element

having a valence difference ΔZ, is to change the free electron density to a new

value, that obtained simply by scaling the valences of the solvent and solute

according to their atomic fractions in the alloy. In this case, the Fermi energy in

the material has changed accordingly, but EBC remains unchanged. In the screened-

impurity RBM of Friedel [6], it is recognized that the electron gas cannot support an

electric field at long distances from the charge impurity. The reason is that the

conduction electrons will redistribute themselves to screen out the Coulomb field,

an effect that is measured by the dielectric constant, which is large in conducting

materials. In this case, any charged impurity added to a solid will polarize the solid,

which generates a Coulomb potential. Therefore, the Fermi energy is unchanged,

but the whole conduction band has been shifted by this potential (Fig. 4.2).

The concept of rigid-bands implies chemical stability of the system. From the

energetic point of view, this means the total energy of the substance is little affected

by the addition of intercalated electrons. The consequence is that the structure too is

stable, and the only energy band involved in intercalation is the narrow d-conduc-
tion band in TMDs. These are precisely the properties most desirable in a good

cathode material, which provide features such as stable voltage against aging and

mechanical durability [1]. It is most important, therefore, to investigate theoreti-

cally and experimentally how well the approximation can apply in a system

employed for the lithium battery cathode.

Fig. 4.2 Scheme of the Fermi level evolution in the frame of the rigid-band model (RBM). Two

situations are considered: case I represents the electron-gas RBM, case II shows the screened-

impurity RBM. (B) and (A) mean before and after lithium insertion, respectively. In both cases, the

cell voltage Voc is the same

4.2 Evolution of the Fermi Level 95



As the potential of an insertion compound-based lithium battery is determined

by the difference between the chemical potentials of electrodes (Eq. 1.6), the crystal

chemistry of the cathode governs the cell voltage. As an example, Fig. 4.3 illus-

trates the role of the polyanions, i.e., (PO4)
3� and (P2O7)

4�, in iron-containing

lithium insertion compounds, for which positions of the iron redox energies relative

to Li0/Li+ changes as a function of the cation environment. This phenomenon has

been described as the inductive effect by Goodenough [7]. It depends on the

framework connectivity. For instance, the fluorophosphate compounds are

expected to exhibit a high cell potential as a result of both the inductive effect of

(PO4)
3� group and the electron-withdrawing character of the F� ion.

4.3 Electronic Structure of TMDs

Considerations of the structural and chemical similarities in the layer structure of

TMDs led Wilson and Yoffe [8–10] to suggest that the electronic energy band

structures of the materials might also be similar and that the range of observed

optical and electrical properties results from differences in the filling of band

subgroups as the number of valence electrons is changed. While a completely

rigid band model of the TMD compounds cannot account for all properties,

theoretical calculations and experiments show that the basic view of the materials

is probably correct: the character and the order of the various band subgroups

remain the same, while their separations and widths vary slightly with changes in

the constituents and the type of coordination unit in the crystal structure.

Fig. 4.3 Position of the iron redox energies to the Li0/Li+ in various Fe-containing lithium

insertion hosts and consequent changes in cell voltages, illustrating the role of polyanions
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TMDs have a layered structure made up of a sheet of metal atomsM sandwiched

between two sheets of chalcogen atoms X (Fig. 4.4). The X-M-X layers are held

together by weak van der Waals forces. Each sheet consists of atoms in a hexag-

onally close-packed network as shown in Fig. 4.4a. This structure allows almost

unlimited expansion of the interslab distance upon insertion of electron-donating

species in the layer. Although initial interest in these intercalation compounds was

driven by their superconducting properties (at very low temperature), these were

used as the active electrode of secondary lithium batteries [8]. Three nonequivalent

hexagonally close-packed positions are noted A, B, and C. Two types of coordina-

tion structure are possible, either one or both can form the basic unit of the crystal.

In the trigonal prismatic coordination, the sandwich of X-M-X follows the AbA
sequence and in the octahedral coordination it follows the AbC sequence

(Fig. 4.4a). Capital letters denote the chalcogen atoms and lower case letters the

metal atoms.

A rational nomenclature adopted for naming the different polymorphs and

polytypes proposed Brown and Beerntsen [11] is presented in Fig. 4.4b. In desig-

nating the polytypes, one first indicates the number of sandwiches required to

obtain a unit cell perpendicular to the plane of the layers, then the overall symmetry

of the structure: trigonal T, hexagonal H, or rhombohedral R. Lower case subscripts

are used to distinguish polytype otherwise similarly labeled, e.g., 2Ha and 2Hb.

Thus the simplest polytype with octahedral coordination, labeled 1T, has a repeat of

the sandwich perpendicular to the layer, i.e., this polytype is obtained by piling the

Fig. 4.4 (a) The octahedral and trigonal prismatic structures ofMX2 compounds. A, B, C represent

the three nonequivalent positions for a close-packed stacking. In octahedron and tetrahedron,

capital letters denote the chalcogen atoms and lower case letters the metal atoms. (b) Elementary

unit cell of simple polytypes of TMDs in the <1120> projection
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sandwich units. In the trigonal symmetry and the simplest trigonal prismatic

coordination, polytypes have two sandwich repeats, and are designated 2Ha and

2Hb. The 2Ha structure is adopted by metallic group V materials such as NbS2 and

stocks the metal atoms directly above each other along the c-axis, while in the 2Hb
structure, adopted by semiconducting group VI materials such as MoS2, the metal

atoms are staggered. In the 4Hb and 6R polytypes, the coordination within succes-

sive sandwiches alternates between octahedral and trigonal prism, i.e., a mixed

coordination. The six best known polytypes of transition metal dichalcogenides are

shown in Fig. 4.4b. Octahedral interstitial (vacant) sites between sandwiches are

represented by square sites, into which intercalation atoms may enter.

The electronic band structure of TMDs have been generally calculated using

simplest molecular-orbital arguments [5] and experimentally established from the

optical properties for the group IV, V, and VI TMDs. Figure 4.5 shows the

schematic band structure of the MX2 compounds having octahedral and trigonal

prismatic coordination. The basic features of the band model are shown for the

regular trigonal prismatic structure (groups VI and V) and the regular octahedral

structure (groups IV and V). The chalcogen p states with different degrees of

admixture of metal states form the main valence band, while the energy of the

chalcogen s states is located 10–15 eV below. The metal d states, with possible

admixture of chalcogen states, lie immediately above the p valence band, and the

next higher bands are made up of metal s and p states. The d band is subdivided in

accordance with the ligand field splitting. The lowest of these sub-bands can hold

two electrons and is called the “dz2” band after Wilson and Yoffe [8]. The reason is

that the dz2 is split off the dxy�dx2�y2 band towards lower energy by the trigonal

distortion. The same band-labeling scheme is used here in spite of the hybridization

Fig. 4.5 Schematic band structures for all the TMDs compounds with octahedral and trigonal

prismatic coordination. Sketches show the electronic structures before (a) and after (b) lithium
intercalation with the respective position of the Fermi level
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between d and p states, and between the various d states. In all the compounds of the

group IV to group VI transition metals, the p- and s-valence bands are completely

filled, and the variations of the electrical and optical properties are largely

accounted for by the gradual filling of the dz2 band [12].

On the whole the band structure of an octahedrally coordinated material is

characterized by greater charge transfer from the metal atom to the chalcogen

atom. The p-valence band is relatively narrow (about 2.5 eV wide), while the dz2
band forms part of the d band manifold which is separated from the p-valence
bands by about 2 eV. This is the case for all the group IV compounds and for some

of the group V compounds. The band structure of a trigonal prism coordinated

material, on the other hand, has a wider p-valence band (about 5 eV wide) and

there is more mixing between p and d states, while the dz2 band lies close to or

overlaps with the p bands and is now well separated from the rest of the d band

manifold. This is the case for all the regular group VI compounds and the rest of

the group V compounds.

The position of the dz2 band is thus determined by the symmetry of the coordi-

nation unit. It is interesting to consider the total energy for a given coordination.

This is basically determined by two competing terms: the electrostatic potential

energy and the energy of the dz2 electrons. In the group IV compounds, the dz2 band
is empty and the electrostatic energy term favors octahedral coordination, where the

chalcogen atoms on two sides of the metal atoms in a sandwich are staggered, while

in the group VI compounds where the dz2 band is full and the bonding is predom-

inantly covalent, it is energetically advantageous to depress the dz2 band by

adopting the trigonal prism coordination where the chalcogen atoms are in the

eclipsed position. In the group V compounds, the dz2 band is only half full, so it is

not surprising that neither term necessarily dominates completely and both coordi-

nation units occur.

In the simple picture, during intercalation, the donating-electrons will occupy

one of the empty d-bands. The simplest approximation to the band structure of an

intercalation compound is just that of the parent host compound with the Fermi

level moved up to accommodate the extra electrons.

Many techniques have been used to obtain information on the optical absorp-

tion α, the reflectivity R and dielectric constants ε1 and ε2. Visible and ultra-violet
absorption spectroscopy gives us the joint density of states of valence and

conduction bands. Soft X-rays and synchrotron radiation give us information on

conduction bands, while photoemission experiments (UPS, XPS, ESCA) can tell

us about density of states in valence band and give the energies relative to the

Fermi level. Typical absorption spectra for the semiconductor MoS2 (d2, group
VI), metal NbS2 (d

1, group V), and wide-band gap semiconductor ZrS2 (d
0, group

IV) are given in Fig. 4.6. The prominent features A and B for MoS2 are excitons,

while in the metal NbS2 one observes the characteristic free carrier absorption at

about 1 eV.
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4.4 Lithium Intercalation in TiS2

For TMDs, the temperature dependence of the electron mobility is usually formed

to be much stronger than expected for acoustic phonon scattering. The resistivity

for materials with a temperature independent extrinsic carrier concentration is

usually fit by the empirical relation:

ρ ¼ ρ0 þ ATα; ð4:2Þ

where ρ0 is the temperature-independent contribution form impurity scattering and

A is a constant [13]. The exponent α is found to vary from 2.3 in good-stoichiometry

TiS2 sample (with carrier concentration n¼ 1.1� 1020 cm�3) to 1.6 in poor-

stoichiometry sample (n¼ 2.9� 1021 cm�3); α is found to be as large as 2.2 for

ZrSe2.

In LixTiS2 the magnitude of the Hall coefficient decreases with increasing

lithium content, confirming the occurrence of electron transfer from intercalates

to the host [6–8]. The electron concentration is TiS2 before intercalation is

3.1� 1020 cm�3 indicating that this material is of stoichiometry Ti1.0044S2
[14]. Upon lithium intercalation we observe a large decrease of the resistivity as

well as of the Hall coefficient. The carrier concentration in electro-intercalated

samples increases to 5� 1021 and 9.6� 1021 cm�3 for x¼ 0.25 and 0.5, respec-

tively. The Hall coefficient RH of all the samples is nearly temperature independent,

as would be expected for a normal metal.

Klipstein et al. [15, 16] explain this behavior by a model involving the interplay

between inter-pocket and intra-pocket scattering of electrons by longitudinal

Fig. 4.6 Absorption spectra of two-dimensional TMDs: (a) 1T-ZrS2, (b) 2H-NbS2, and (c) 2H-
MoS2. The prominent features A and B for MoS2 are excitonic transitions
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acoustic phonons, whereby the increase in Fermi surface dimensions reduces the

restriction on the wave-vector of phonons that may take part in the scattering

process, implying that, as the carrier concentration increases, α should tend towards

unity, which is the limit for a metal when the resistivity is solely due to a scattering

of the electrons by LA-acoustic phonons. Simultaneously, the temperature Tmin

below which the ln(ρ� ρ0) vs. ln(T ) curve starts deviating from linearity, should

increase, since this deviation originates from incomplete momentum relaxation

when the phonon wave-vectors characteristic of these temperatures are too short

to span the Fermi surface. This model, which was originally based on studies in

pristine TiS2 with a varying degree of stoichiometry, was later verified to remain

valid for higher carrier concentrations, such as in TiS2 intercalated with lithium via

the n-butyllithium technique [16] or intercalated with hydrazine [17].

Electron transfer is also apparent in the optical properties of this system.

Figure 4.7 shows the absorption spectra, in the energy range 0.5–6.0 eV of pure

Fig. 4.7 Room-temperature absorption spectra of TiS2 and LiTiS2. The schematic band

structure shows that the rigid-band model may be used for the intercalation complexes
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and Li-intercalated TiS2 [18]. In the spectrum of the intercalation complex LiTiS2,

the free carrier absorption is evidenced below 1 eV as it is responsible for the

increase of the absorption when decreasing the photon frequency in the vicinity of

the plasma frequency ωp. We also observe interband transitions which are the first

direct allowed transitions from the p valence to the d conduction band at the L point

of the Brillouin zone. Moving into the spectrum of LixTiS2, the onset of inter-band

transitions is seen to have shifted to higher energies and the oscillator strength

under the absorption band is roughly halved. Beal and Nulsen [18] argue that this is

exactly what one would expect as the dz2 band is now half-full following saturation

of the intercalation complexes.

Another optical experiment, infrared reflectivity was carried out on Li-electro-

intercalated TiS2 [15]. Figure 4.8 shows the FTIR reflectivity spectra of Li inter-

calated TiS2 single crystals as a function of x(Li) in the range 0� x� 1. We observe

a large shift in the plasma edge for Li1.0TiS2 with respect to pure TiS2. According to

the free-carrier Drude model (see Chap. 13), the analysis of the dielectric function

gives the values as follows. In TiS2, the plasma edge lies around 1200 cm�1,

whereas in LiTiS2 the plasma edge occurs at about 4000 cm�1 giving plasma

frequencies of 1360 and 4100 cm�1, respectively, if we take into account that the

high-frequency dielectric constant remains similar to that of the pristine material

and if we consider the electron effective mass as obtained by Isomaki et al. [19]. At

the L-point of the Brillouin zone, Isomaki et al. estimate ma¼ 0.4m0 along the

a-axis. This assumption implies that the optical effective mass mopt has a value

higher than 1.3m0. In the present studies, the Drude analysis gives a carrier

concentration of 1.7� 1022 cm�3 for complete intercalation of TiS2 at x¼ 1. This

is in excellent agreement with the theoretically expected value of 1.75� 1022 cm�3

and very close to the value of 2.2� 1022 cm�3 determined from Hall measurements.

Fig. 4.8 FTIR reflectivity spectra of LixTiS2 as a function of lithium content
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We assume in the spirit of the rigid-band model [1] that intercalation changes

appreciably neither the effective mass of the conduction band, nor the high-

frequency dielectric constant of the host material. The charge transfer Δn from

the alkali-metal atoms to the d-conduction band of the host compound can be

directly calculated from the difference between ωp
2 before and after intercalation.

Here Δn is expressed in terms of the number of electrons transferred per Ti atoms.

Using this method we have Δn¼ 0.9� 0.1 electrons. The uncertainty of 0.1 elec-

trons is thought to be a reasonable estimate in view of the assumptions made. It is

interesting to note the large increase of the plasma damping factor from 310 to

2160 cm�1 in Ti1.005S2 and Li1.0Ti1.005S2, respectively. This increase is observed in

the energy-loss function by the broadening of the plasmon peak. The damping

factor can be expressed as follows:

Γ ¼ 1=τ ¼ q=m*μH; ð4:3Þ

where μH is the Hall mobility of free carriers. The observed increase of Γ suggests a

decrease of the Hall mobility or a modification of the effective mass tin the

intercalated sample. In Li1.0Ti1.005S2 the electron mobility measured by Hall effect

has a value of 1.9 cm2V�1 s�1 at room temperature [14]. This value can be related

with those given in the literature, namely 13.5 and 0.35 cm2 V�1 s�1 for TiS2 and

LiTiS2, respectively [16].

The temperature dependence of the IR reflectivity spectra of the Li1.0Ti1.005S2
sample is similar to those of the pure material. The spectra show a dip close to the

plasma frequency ωp¼ 4180 cm�1 extracted from analysis of the data using a

Drude-like model with a frequency dependent relaxation time, as:

1=τ x; T;ωð Þ ¼ x τ0 þ α pTð Þ2 þ ω2
h i

: ð4:4Þ

A good fit to the optical data is achieved with the scattering rate given by Eq. (4.4)

[20], with p¼ 13.6, against 2π in the ideal isotropic three-dimensional effective

mass model [21], while the second term in ω2 is due to the electron-electron

scattering. For Li intercalated TiS2 sample, the temperature and frequency compo-

nents of Eq. (4.4) are strongly screened by the first term (xτ0) as shown in Fig. 4.9.

This may be due to the complete filling of the d-band associated with a very low

Hall mobility. In this case, it is difficult to evaluate the optical mobility because the

quantity ωτ>> 1 is no longer valid.

Considering that Hall measurements on the Li1.0Ti1.005S2 sample give

NH¼ 1.8� 1022 cm�3 and that the Fermi energy obtained by optical reflectivity

measurements is EF¼ 4180 cm�1¼ 0.52 eV, we may estimate the electron effec-

tive mass m*¼ 0.49m0. This value is very close to the value reported for the pure

material by Isomaki et al. [19]. In conclusion, it can be seen from the electrical and

optical properties of the Li-intercalated TiS2 presented above that they all can be

explained in terms of the rigid-band model. It is worth mentioning here that optical

absorption results by Scholz and Frindt [22] on Ag-intercalated TiS2 also agreed

with this model.
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The reliability of the rigid-band model is due to the excellent structural stability

of TiS2. From the electrochemical view point, TiS2 was considered as the best

positive electrode for lithium batteries due to its high electronic conductivity, which

avoids carbon additive, and the high mobility of Li+ ions into van der Waals planes.

Unfortunately, problems came from the anode side. Note that the Li//TiS2 electro-

chemical cell was invented by Broadhead and Butherus at Bell Telephone Labs,

who filed their patent on 24 July 1972 [23].

4.5 Lithium Intercalation in TaS2

Among the group-V TMDs, TaS2 has perhaps been the subject of greatest interest,

because of the fascinating structural and electronic properties that this material

exhibits. Due to valence electron occupying their dz2 band, this metallic compound

can exist in either 1T-, 2H-, or 4H-structure [24]. As a consequence of the switching

from octahedral (Oh) to trigonal prismatic (TP) coordination, the shift of the dz2 band
to lower energies occurs gradually. The absorption spectrum of pure 2H-TaS2 shows a

Drude edge below 1 eV associated with the free-carrier absorption in this material

owing to the half-filled dz2 band. After intercalation, the Drude edge disappears and
the first dz2! d transition shifts toward lower energy. These changes are attributed to
the gradual filling of the dz2 band by electron transferred from lithium.

The absorption spectrum of 1T-TaS2 is shown in Fig. 4.10. Near 1.5 eV, the

absorption bands are associated with the dz21! dz22 and dz21! d transitions,

Fig. 4.9 Temperature dependence of the damping factor (inverse relaxation time) for TiS2 and

LiTiS2
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whereas the band above ~3.5 eV owing to p! dz2 transition. Charge transfer from
Li to the host lattice increases the population of the dz2 band and raises the Fermi

level EF to a new energy, EF0. The displacement of the strong absorption edge

around ~3 eV indicates a considerable lowering of the dz2 band with respect to its

position in the pristine material. The lowering of the dz2 band is attributed to the

filling with electrons donated by Li, as well as the modification of the crystal

structure that is an increase of the c/a ratio after intercalation [25]. These results

provide further support to the argument that, upon lithium intercalation the rigid-

band model is not entirely applicable in 1T-TaS2.

4.6 Lithium Intercalation in 2H-MoS2

Among the group-VI TMDs, MoS2 is one of the materials where intercalation

reactions induce a transition of the host related to local ligand field modification.

In this particular case, molybdenum presents a trigonal prismatic sulfur

Fig. 4.10 Absorption spectra of pure 1T-TaS2 and 1T-LixTaS2. The schematic band structure

shows the lowering of the dz band upon Li intercalation. Reproduced with permission from [24].

Copyright 1986 Kluwer Academic Press
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coordination that changes the octahedral one (TP!Oh transition) [26–28]. The

structure modification is accompanied by an increase of the M-X band ionicity in

agreement with the respective stability of the new atomic arrangement, the Cou-

lomb repulsion between partially charged ligands favoring the octahedral form.

Also, the comparison of the d-band density of states of 2H-MoS2 and hypothetical

1T-LiMoS2 shows that the occupied bands, which contain six states, are lower in

the case of the Oh phase. This effect corresponds to the glide process between Mo

and S atoms. This is a fine example of destabilization through lithium reduction.

Figure 4.11 shows the voltage profile vs. composition x(Li) of the Li//LixMoS2
cell using 1mol L�1 LiClO4 in propylene carbonate as electrolyte [29]. The Li-MoS2
system exhibit three distinct phases in good agreement with the work of Hearing

et al. [30]. The discharge reaction of a fresh cell occurs in the range 3.0–0.55 V with

two voltage plateaus at 1.1 and ~0.7 Vwhen 3Li are intercalated in the layeredMoS2
lattice. The first discharge curve (phase I) exhibits a plateau in the range 0.25� x� 1

that corresponds to a two-phase system including both 2H-Li0.25MoS2 and

1T-LiMoS2 structures. For x¼ 1 the complete transformation from (TP) to

(Oh) coordination is attributed to a process, which is driven by a lowering of the

electronic energy for the octahedral structure when electrons are donated from Li to

the MoS2 layer upon intercalation. The octahedral transformation starting at x�0.25

completes around x¼ 1.0 and is not preserved on subsequent cycling [1, 26, 27]. For

x> 1, the phase II is formed, which appears to be reversible in the range 0.75–3.2 V

without plateau formation. This phase II is a preferred phase (path D-G in Fig. 4.11)

for battery use that requires the so-called battery formation process, i.e., first

discharge down to 0.75 V. The phase III (path E-F) occurs at the end of the second

plateau. This phase is not suitable because the poor reversibility [30].

Fig. 4.11 Electrochemical profile of the Li-MoS2 system as a function of the Li content in

LixMoS2. Reproduced with permission from [29]. Copyright 2002 Elsevier
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Electron diffraction studies on the Li-MoS2 system have shown that the struc-

tural transformation is accompanied by a 2a0� 2a0 superlattice formation observed

for the composition x�0.25, which is interpreted as a pseudo-staging on the basal

hexagonal lattice (Fig. 4.12) [31]. This superlattice formation was also observed in

the incremental capacity dQ/dV obtained from electrochemical measurements [28]

and in the Raman scattering spectra of Li0.3MoS2 [32, 33]. However, we do expect

that the lithiation process is accompanied by the raising of the Fermi level due to the

charge transfer from Li intercalation. This is depicted in Fig. 4.13, where the

temperature dependence of the electrical conductivity of lithium intercalated

MoS2. Undoped MoS2 is a n-type semiconductor with σ ~ exp(�Ea/kBT ), where
Ea¼ 0.05 eV, and Li0.3MoS2 is a highly degenerate semiconductor with σ ~T�1.4.

Here, we must be aware of the limitations of the rigid band model. It is probably non

appropriate for LixMoS2 because the fully occupied dz2 states in the pristine

material imply new electrons to enter the next higher d band with a change of the

c/a ratio associated with the destabilization of the host lattice.

Fig. 4.12 Li intercalation of MoS2 in n-butyllithium. (a) After 10 min, defects are created near the

edges and in the steps of the specimen denoted by arrows. (b) After 2 h intercalation, superlattice

spots appear (denoted by the letter s), which are indexed as (1/201/20). Notice also the splitting of

the main spots (denoted by the letter M). (c) A micrograph taken from the same area reveals that

the specimen is heavily defected owing to intercalation. (d) Distribution of lithium vs. Distance

from the edges of the specimen as revealed by SSNTD images. Reproduced with permission from

[29]. Copyright 2002 Elsevier
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Following the above structural transformation, phonon spectroscopy offers an

excellent way of quantifying the degree of anisotropy not only by distinguishing

between inter- and intra-layer normal modes but also by determining the shear

moduli in different directions. The Raman spectrum of 2H-MoS2 at room temper-

ature is shown in Fig. 4.14. It exhibits four Raman-active bands that are the intra-

layer A1g mode at 407 cm�1 involving motion along the c-axis, the intra-layer E2g

mode at 382 cm�1 involving motion in the based plane, the E1g mode at 286 cm�1

and the rigid-layer (RL) mode at 32 cm�1 of E2g symmetry. This last mode is of

interlayer type involving rigid motion of neighboring sandwiches in opposite phase.

The Raman spectra of LixMoS2 with x� 0.1 and x¼ 0.3 (Fig. 4.14) display the

structural changes from the ß-phase (2H structure) to a α-phase (1T structure) upon

Li intercalation [32]. This transformation from trigonal prismatic to octahedral

coordination has been attributed to a process which is driven by a lowering of the

electronic energy for the octahedral structure when electrons are donated from Li to

the MoS2 layer during intercalation [33]. The octahedral transformation in LixMoS2
starts at x¼ 0.1 and completes around x¼ 1. For a degree of intercalation x� 0.1,

the Raman intensity is considerably reduced (by a factor 5) and we observe two new

bands: a broad peak located at 153 cm�1 (A-line) and a weak peak situated at

205 cm�1 (B-line) and the intensity of the RL mode is reduced. The two pristine

intra-layer modes can still be observed, with little shift in frequency, but both of

them are split to give weak additional side bands towards lower energies (C- and

D-line). These bands are attributed to the Davydov pairs of the optical phonon

branches. For x¼ 0.3, the spectrum of LixMoS2 is modified with respect to the

former ones. The RL mode is no longer recorded. All the other lines are still

observed. In addition, a small shift in frequency of the lattice modes of MoS2 can

be observed [33].

Fig. 4.13 Temperature dependence of the electrical conductivity of lithium intercalated MoS2.

Reproduced with permission from [29]. Copyright 2002 Elsevier
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A simple model has been used to calculate the frequencies of the new modes

appearing after Li intercalation. The intercalation mode is given by:

ωint oð Þ ¼ k 2m1 þ m2ð Þ=m1m2½ �1=2; ð4:5Þ

where m1 and m2 are the masses of the MoS2 molecule and of the Li atom,

respectively, and k is the force constant between the S and Li atoms. We estimate

k¼ 8.23� 103 dyn cm�1, which is much smaller than the intra-layer force con-

stants. For a degree of intercalation x¼ 0.3, we assume that LixMoS2 is a two-phase

system. The following changes on the lattice dynamics can be expected. The RL

mode disappears because the elementary cell of the 1T-structure contains only one

molecular unit (3 atoms per sandwich). The symmetry changes from D6h to D3d and

the new symmetry allows only the two Raman active A1g and Eg modes represen-

tative of the intra-layer atomic motions. The weak spacing expansion observed

upon Li intercalation and the difference of the molybdenum coordination do not

modify significantly the frequency of these modes. A simplest calculation gives a

change of about 6 % in frequency. Thus, we can trust the validity of the lattice

dynamics model using a 2H-structure [33]. Finally, it is obvious that Li intercala-

tion into molybdenum disulfides does not satisfy the concept of rigid-band model.

Fig. 4.14 Raman spectra of 2H-MoS2 natural crystal as a function of Li content lithium
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4.7 Lithium Intercalation in WS2

Among the TMDs materials, WS2, which belongs to the group VIb transition metal,

crystallizes into a layered structure identical to MoS2. Two polytypes hexagonal

(2H) and rhombohedral (3R) are commonly found among the materials with

trigonal-prismatic coordination. Varieties of other polymorphic structures have

been described such as o-WS2 and 2M-WS2 [34]. Orthorhombic ß-WS2
(1T-structure) has been prepared by removing Na from NaxWS2 [35]. WS2 is a

grey-black indirect-gap semiconductor with a n-type character and an energy gap of

1.35 eV due to electronic transition of the d! d type. In terms of the

two-dimensional WS2 band structure direct low energy transitions at about 1.9–

2.5 eV are characterized by A and B exciton pairs and its narrow dz2 subband is

completely filled. The conduction band based on dx2�y2, dxy orbitals is empty and

can thus be populated by electron donors. The observation by Rüdorff [36] that

WS2 forms metal intercalated products when the dichalcogenide is treated with

liquid ammonia solutions of alkali metals prompted us to examine more generally

the features of electrochemically Li-intercalated WS2. Somoano et al. [37] have

also shown that intercalation compounds are found in the case of tungsten deriva-

tives. Omloo and Jellinek [38] made an attempt to understand the unstability of

WS2 and WSe2 intercalated by alkali metals and alkaline earths. The electrochem-

ical features of the intercalation-deintercalation reaction of LixWS2 is shown in

Fig. 4.15a [39]. The voltage-composition curve displays features as follows: (a) the

initial OCV of 3.0 V, (b) the emf decreases smoothly from 3.0 to 2.2 V in the range

0� x� 0.2 and a break is clearly observed at about x¼ 0.2, (c) for x> 0.2 the

discharge curve occurs with a pseudo-plateau at about 2.1 V, (d) the cell voltage

drops to 0.5 V for x¼ 0.6 giving a specific energy density of 140 Wh kg�1. The

incremental capacity �(∂x/∂V ) curve recorded at the first discharge (Fig. 4.15b)

shows patterns comparable to a double-site energy system [40]. This should be the

evidence of either increasing repulsive forces between inserted ions or formation of

a new phase. During the insertion process the alkali metal transfers electron to the

Fig. 4.15 (a) Discharge–charge curves of an electrochemical Li//WS2 cell using the 3R-WS2
polymorph as cathode material. (b) Incremental capacity dx/dV vs. composition
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empty conduction band based on dx2�y2, dxy orbitals of W. Intercalation with

electron donors is expected to populate these higher energy bands and give metallic

properties. According to molecular-orbital calculations [25] with the dz2 band

already full and intercalation increasing the d band population from d2 to d3, the
electron energy can be lowered by a trigonal. Indeed, for the W layered compounds,

the number of d electrons exceeds d2 during intercalation. The stability of interca-

lates of WS2 is clearly related to the ionization potentials of the inserted metals and

the affinity of the layer compound [38] and the prismatic coordination is

destabilized on addition of lithium ions for x> 0.2. It was suggested that the result

is a structural transformation from 3R-WS2 to 2H-LixWS2 due to the instabilities in

the interlayer structure. Later in the discussion it will be demonstrated that upon Li+

insertion the interlayer spacing increases with a small expansion [41].

Figure 4.16a shows the absorbance spectra recorded at 5 K of pristine WS2 and

Li0.1WS2 samples in the energy range 1.4–2.5 eV. In these spectra, we observe

absorption edge at 1.9 and 1.7 eV and side-band at 1.93 and 1.88 eV corresponding

to the absorption edge and the excitonic peak of WS2 and Li0.1WS2, respectively.

The exciton transition at about 1.93 eV is attributed to the smallest direct gap at K

(the zone-edge point in the (110) direction) in between the dz2 valence states and the
dx2�y2, dxy conduction states, split by interlayer interactions and spin-orbit coupling
[42]. Upon Li intercalation, modifications in the absorption spectrum are observed,

with a red shift of absoption edge and the vanishing of the exciton peak (located at

Eex on the curves) due to free carrier screening. In this process the free carriers arise

from band filling above the full dz2 band. For LixWS2 the donated electrons should

go into the empty conduction band based on the dx2�y2, dxy orbitals. The half width
at half-maximum (HWHM) of the exciton of pure WS2 at 5 K is about 20 meV,

whereas one observes a HWHM of 55 meV for LixWS2. The primary phenomenon

associated with the lithium intercalation in WS2 is the donation of x electrons from
the guest to the host matrix. The second effect is that the interband absorption edge

around 1.9 eV shifts to lower energies with Li insertion (Fig. 4.16b). This result can

be understood in terms of a destabilization of the electronic band structure. The

shift of the fundamental absorption edge toward lower energies can be attributed to

E

Eg1 Eex2Eex1

Ef2

Eg2

dz2dz2

N(E) N(E)
(i) (ii)

pp

Ef1

dx2-y2, dxy dx2-y2, dxy

2s(Li)
E

Fig. 4.16 (Left) The absorbance spectra recorded at 5 K of pure WS2 and Li-intercalated WS2
single crystal containing a small amount of lithium x¼ 0.1. (Right) Electronic band structure of

trigonal prismatic dichalcogenide (i) pure WS2 and (ii) Li0.1WS2
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an interaction between the conduction band made up of s and p orbitals and the 2s
orbitals of lithium. Thus, the net effect is a decrease of the optical band gap of about

0.22 eV. Optical effects in Li-intercalated WS2 can be satisfactory interpreted in

terms of electron donation but the rigid-band model is essentially inadequate in

such a compound. One may note that, in the studied energy range (1.4–2.5 eV),

intercalation of Li ions did not give rise to extra absorption bands [42].

4.8 Lithium Intercalation in InSe

The intercalation of lithium in InSe has been extensively studied. Indium

monoselenide is a layered semiconductor in which each layer consists of four

close-packed, covalently bounded, monoatomic sheets in the sequence Se-In-In-

Se. When material is grown by the Bridgman method, the 3R polytype (γ-InSe)
crystallizes in a rhombohedral system with the R3m space group (C5

6v) with the

primitive unit cell containing three layers but only one molecule [43, 44]. The

layers are stacked in the sequence CBA□ABC separated by weak interlayer

interaction (often referred to as van der Waals-like). The square symbol repre-

sents the empty site available for insertion. The interaction of cleaved InSe

crystals with lithium was investigated by electrochemical titration, in situ X-ray

diffractometry, and by X-ray photoemission spectroscopy showing a competition

between intercalation and chemical decomposition reactions expressed as

[45–47]:

xLiþ InSe ! LixInSe; ð4:7Þ
2Liþ InSe ! Li2Seþ In0: ð4:8Þ

The effect of Li insertion on the electronic structure of InSe has been evidenced

by photoluminescence, Raman scattering, and absorption measurements

[48, 49]. Upon lithium insertion, one observes different features in the optical

spectra of LixInSe, which appear to be strongly dependent on the Li concentration.

For x� 0.1, a blue shift of the fundamental absorption threshold is due to the

destabilization of both the highest valence band and the lowest conduction band.

This is attributed to the (s, pz) character of these energy states which interact with the
lithium s-orbital. New broad bands appeared at 1.278 and 1.206 eV in the photolumi-

nescence spectrum of Li0.1InSe, which were attributed to transitions associated with

the lattice deformations introduced by the expansion perpendicular to the basal plane

and to those associated with the lithium donor levels, respectively [49].

Figure 4.17 displays the evolution of Raman spectra of LixInSe. The structural

modification due to lithium insertion is clearly shown from these experiments. The

vibrational feature of γ-InSe (C5
3v symmetry) includes six Raman-active modes

such as 3A1+ 3E [50]. The Raman spectrum displays a low-frequency band at

41 cm�1 (E species), a strong band at 117 cm�1 (A1 species), three bands located

in the polar phonon domain at 177, 199, and 211 cm�1 (LO and TO modes), and a
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nonpolar mode at 225 cm�1 (A1 species). After intercalation (x�0.2), the Raman

spectrum is drastically modified. It displays vanishing bands of the pristine material

and additional broad peaks centered at 95, 174 and 257 cm�1. These bands, which

are attributed to the presence of Li2Se and amorphous Se in the host lattice,

respectively, dominate the RS spectrum for x¼ 0.5. Here, the bending mode,

ν(Se-Li-Se), appears at 174 cm�1 in LixInSe. At this stage, the crystal is partially

decomposed in the presence of Li producing Li2Se, amorphous Se and In metal. At

this stage, we explain these experimental data by the simple schematic band

structure presented in Fig. 4.18. At relatively low lithium concentration (x� 0.1),

we assume the picture (Fig. 4.18a) where the principal electronic states are grouped

into two categories (s, pz) and ( px, py). The electronic lithium-like s-orbital, which
is located at the higher position energy into the conduction band, repulses the lower

levels of same symmetry (Fig. 4.18b). The effect of Li intercalation on the

interband optical transitions is rather weak but nevertheless clearly observable

[52]. These results suggesting a decomposition process are in good accordance

with the potential-composition curve (not shown) in which the plateau represents

Fig. 4.17 Raman scattering spectra of pristine and Li intercalated γ-InSe single crystal. The

intercalated samples were prepared by galvanostatic method in lithium cell

4.8 Lithium Intercalation in InSe 113



the Gibbs free energy ΔGreact¼�140 kJ mol�1 for the decomposition reaction of

InSe by Li. This means for x> 0.1, a chemical decomposition of InSe occurs with

two competitive reactions given by Eqs. (4.1) and (4.2).

4.9 Electrochemical Properties of TMCs

Figure 4.19 compares the discharge profile of prior nonaqueous rechargeable

lithium batteries including lithium metal as anode, 1 mol L�1 LiClO2 in propylene

carbonate (PC) as electrolyte and MX2 dichalcogenide as cathode. Such positive

electrodes have several advantages: (1) they deliver high voltage, (2) water hydro-

gen is not liberated by electrolytic reduction, (3) materials exhibit high conductiv-

ity, and (4) these electrodes are insoluble in electrolyte solvents such as PC

[51]. Note that PC cannot be used with graphitic carbon as negative electrode,

but we consider in this chapter only half-cells, i.e., lithium metal is the negative

electrode. The change of the cell voltage depends in general on the electronic states

of the material. During the runaway, the voltage is also a function of the electrode

composition x, which represents the fraction of electrons in the Lix<H> host. Also,

Li–Li interactions play a role in determining the magnitude of the voltage. It is

therefore instructive to analyze the dependence of the voltage, V vs. x. Operating
voltage of a solid-state redox reaction associated with lithium ions insertion or

extraction usually exhibits subtle dependence on the concentration of lithium ions

and electrons in a solid matrix, which does not follow the simple Nernst equation.

Problems that have limited the usefulness of these batteries are associated to the

dendritic growth which eventually generate short circuit between the negative and

the positive electrodes.

Fig. 4.18 Schematic representation of the electronic band structure evolution of InSe upon Li

insertion. (a) pristine material, (b) LixInSe for x� 0.1, and (c) LixInSe for x	 0.1 showing the

chemical decomposition
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4.10 Concluding Remarks

In this chapter we have shown that intercalation is a heterogeneous process in

layered materials. Consequently, the rigid-band model leaving the electronic band

structure of the host mostly unchanged can only be rarely applied. The electronic

band structure of transition-metal dichalcogenides of group IV with the octahedral

coordination in their X-M-X sandwich is not really affected by the lithium interca-

lation. There are two main energy terms to be considered in relation to the stability

of a given coordination structure. These are the lattice energy term on the one hand

which is based on ionicity and the Coulomb interactions between ions (the

Madelung energy), and the electronic band energy term on the other, which depends

on the energy position of the filled bands, particularly that of the occupied dz2 band
(the lowest lying d sub-band of the d-band manifold).

The striking example is the reactivity of lithium with III-VI layered compounds

such as the decomposition of Li intercalated InSe with the formation of lithium

selenide, Li2Se, observed by Raman spectroscopy on specimens prepared by

various intercalation methods. The insertion of Li into MoS2 appears more stable

with the occurrence of a superlattice formation at x(Li)� 0.25 but a structural

transformation from 2H-MoS2 (β-phase) to 1T-MoS2 (α-phase) occurs for x� 1.

This process is irreversible but the intercalation-deintercalation reaction is possible

with the 1T-MoS2, which could act as a positive electrode in rechargeable lithium

batteries after formation of the cells.

Fig. 4.19 Discharge voltage curves of the Li intercalation reaction into several TMD frameworks
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Chapter 5

Cathode Materials with Two-Dimensional
Structure

5.1 Introduction

For over 40 years, researchers have actively focused their works on the study of

physicochemical properties of the so-called low-dimensional solids. Indeed these

compounds find major applications in the conversion and storage of energy.

Different steps in the progress in this field can be identified. DiSalvo in 1971,

investigated the properties of transition-metal chalcogenides (TMCs) as intercala-

tion complexes for advanced devices such as superconductors [1]. Broadhead

invented, in July 1972, the first rechargeable nonaqueous battery in which the

active material is incorporated in the layer structure; his patent suggests the use

of TMCs such as TiS2 and WS2 [2]. Goodenough has established the ability of fast-

ion conduction of certain metal oxides [3]; his discovery was soon followed by

Japanese companies that commercialized the first lithium-ion batteries (LiBs). The

lithium-ion technology has opened a wide research field both in physics and

chemistry to find a class of materials for high voltage cells [1–3]. However, there

remain several key materials issues such as the structural stability over several

hundreds of cycles, which need to be solved. In the area of positive electrode

materials, extensive investigations on the requirements of optimum-ideal electrode

system have shown that transition-metal oxides, AxMyOn (A¼Li, Na; M¼Ni, Co,

Mn, Cr, Fe) are the most promising systems with great potential for structural

improvements for long cycle life.

This chapter provides the relationships between structural and electrochemical

properties of lamellar compounds: the 3d-transition metal oxides currently studied

as for their potential use in LiBs. First, we examine briefly three binary layered

oxides, MoO3, V2O5, and LiV3O8 which were proposed as intercalation compounds

since at the end of 1970s. Then, the ternary layered oxides are considered. Starting

from the historical and prototype compound LiCoO2, which is the dominant

positive electrode material employed by all Li-ion cell manufacturers so far, we

state the broad family of layered oxides such as LiMxOy and their derivatives: the

© Springer International Publishing Switzerland 2016
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metal-doped oxides LiMxM
0
zOy, the solid-solutions LiMxOy-LiM

0
xOy and the com-

posite materials such as the Li-rich oxides. For each class of materials, we review

their electrochemical properties and discuss them as a function of the structural

stability of the lattices. The surface modification (coating or encapsulation) of

active particles that has led recently to encouraging results is also reviewed and

discussed.

5.2 Binary Layered Oxides

5.2.1 MoO3

The oxides and oxide-hydrates of molybdenum in its highest oxidation state display

a variety of structural types involving linked MoO6 octahedra. MoO3 is such a host.

Of the anhydrous MoO3, the well-known orthorhombic form (α-MoO3) is the stable

form in normal conditions, which possesses a layered structure as shown in Fig. 5.1

b

a

van der Waals plane

(010)

(001)

(100)

Fig. 5.1 (a) The layered structure at α-MoO3 showing the interlayer van der Waals gap. (b) Detail
of the Mo coordination
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[4] and three metastable phases: the β-MoO3 phase which adopts the ReO3-related

structure, the MoO3-II or ε-MoO3 (P21/m S.G.) metastable high pressure phase and

the hexagonal MoO3 form (h-MoO3). Among the three stoichiometric solid

hydrates of MoO3 or “molybdic acids,” white MoO3
H2O has a structure closely

related to that of α-MoO3 [5], consisting of isolated double chains of edge-sharing

MoO6 octahedra with each molybdenum atom bearing a coordinated water

molecule.

Figure 5.2 shows the XRD patterns of α-MoO3 and β-MoO3 crystalline

samples with the main features of the XRD patterns indexed in the orthorhombic

(Pbnm S.G.) system with lattice parameters a¼ 3.9621(4) Å, b¼ 13.858(8) Å,
c¼ 3.972(1) Å and in the monoclinic (P21/n S.G.) system with lattice parameters

a¼ 7.118(7) Å, b¼ 5.379(2) Å, c¼ 5.566(6) Å, β¼ 91.87�, respectively. Single
crystals of α-MoO3 have the shape of elongated platelets with the (010) axis

perpendicular to the basal plane and the (001) axis along the longest edge. The

orthorhombic structure was formed above 500 �C. The layered arrangement causes

van der Waals interactions between parallel layers formed by MoO6 octahedra that

share edges in the (001) direction and are connected by corners in the (100)

direction. The (0 k0) intense Bragg lines suggest that this compound is a layered

structure packed in the direction of the b-axis. The hexagonal MoO3 is commonly

synthesized using the chemical precipitation method and crystallizes with lattice

parameters a¼ 10.55 Å and c¼ 14.89 Å (P63/m S.G.).

Fig. 5.2 XRD patterns of α-MoO3 and β-MoO3 crystals indexed in the monoclinic (P21/n S.G.)

and orthorhombic (Pbnm S.G.) system, respectively

5.2 Binary Layered Oxides 121



Molybdenum oxides display a variety of structural types involving linked MoO6

octahedra whose arrangements are favorable for intercalation process. Several

studies have shown that Li+ ions can be reversibly incorporated in Mo-O com-

pounds [6–9]. The Li//α-MoO3 system undergoes redox reactions with high revers-

ibility, accommodating up to 1.5 Li per Mo atom and giving rise to a theoretical

energy density of 745 Wh kg�1, whereas the theoretical energy density of MoO2.765

(~490 Wh kg�1) is comparable to that of TiS2. Despite the apparent diversity of the

structural types shown by the Mo(VI) oxides and molybdenum-oxide hydrates, it is

evident that they possess a number of common features in their reactions with

lithium. Mo oxides offer high voltages and wide composition intervals accessible

for lithium intercalation. The interest of α-MoO3 arises from its layered structure

presenting open channels for fast Li-ions diffusion, a higher electrochemical activ-

ity vs. Li0/Li+ than that of chalcogenides and the highest chemical stability among

the oxide lattices [10].

The electrochemical lithium insertion into the MoO3 framework can be

described according the following reaction:

xLiþ þ xe� þ MoVI
� �

O3 ÆLiþx Mo 6�xð Þþ
h i

O3; ð5:1Þ

Assuming the reduction from MoVI to MoV and MoIV valence states, the maximum

Li uptake occurs at x¼ 1.5. Figure 5.3 shows the discharge–charge curves of the

Li//MoO3 cell using anhydrous well-crystallized powders of the α-phase [11]. The
electrochemical lithium insertion into the MoO3 framework can be described

assuming the reduction from Mo(VI) to Mo(V) and Mo(IV) oxidation states. The

Fig. 5.3 Discharge–charge curves of the Li//MoO3 cell using anhydrous well-crystallized

powders of the α-phase. Reproduced with permission from [11]. Copyright 1997 Springer
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capacity of MoO3 observed here is approximately in agreement with the theoretical

gravimetric capacity 280 mAh g�1. α-MoO3 is a very advantageous cathode

material because it acts as a self-limiting voltage element at the end of the charge

as reoxidation of Mo produces a resistive effect which induces a large polarization

of the cell for potential of �3.5 V (Fig. 5.3).

Nadkarni and Simmons [12] studied the electrical properties of MoO3 and

reported that there is a donor band between the conduction and the valence bands

due to oxygen vacancies. MoO3 has the outer electron configuration 4s5 5s1. If
MoO3 is considered to be ionic, i.e., composed only of MoVI and O2� ions, the

valence band would be composed of oxygen 2p states and the conduction band of

empty 4d and 5s states [13]. Figure 5.4 shows the temperature dependence of the

electrical conductivity of LixMoO3 (0.0� x� 0.3) intercalated by electrochemical

titration. Upon Li intercalation the electrical conductivity of LixMoO3 increases by

two orders of magnitude and the temperature dependence of σ shows important

changes in the conduction mechanism. The semiconducting character of MoO3

gradually disappears and a degenerate semiconductor behavior is observed. For a

degree of intercalation of x¼ 0.3, the material exhibits a metallic behavior. The

metallic features are also observed in the temperature dependence of the Hall

coefficient. This variation of mass is detected by the analysis of the absorption

spectra near the plasma frequency. It is admitted that the mechanism for the

conductivity of MoO3 is the electron hopping between Mo6+ and Mo5+ sites. The

increase of the conductivity with the addition of intercalants observed in Fig. 5.4 is

linked to the diminution of the valence state of molybdenum ions by transfer of

electrons from lithium to molybdenum. Further experiments are needed to elucidate

the mechanism of the charge transfer occurring in transition-metal oxide com-

pounds but the rigid-band model seems adequate in LixMoO3 which found techno-

logical application in electrochromic rear mirror in automotive industry.

In MoO3, electrical conductivity comes from the hopping of electrons forming

small polarons between Mo6+ and Mo5+ ions. Infrared absorption studies of

LixMoO3 compounds revealed a transition small polaron to metallic features [14],

Fig. 5.4 (a) Arrhenius plot of the electrical conductivity of α-MoO3 and LixMoO3 and (b) FTIR
absorption spectra of α-MoO3 and Li0.3MoO3

5.2 Binary Layered Oxides 123



in agreement with the analysis of the electrical conductivity. After intercalation the

lattice vibration spectrum is completely screened by the free electrons in the host

material. The Drude edge contribution, i.e., plasmon feature, is responsible for the

metallic absorption due to high electron density in Li0.3MoO3 as shown in Fig. 5.4.

The free-carrier absorption coefficient can be expressed by:

α ¼ ω2
p τ n c 1þ ω2τ2

� �� �
; ð5:2Þ

where ωp is the plasma frequency, τ is the relaxation time of the free carrier, n is the
refractive index, and c is the light velocity. Using Eq. (5.2), the fit of experimental

data gives a carrier concentration of 5� 1016 cm�3 in Li0.3MoO3. This value is in

good agreement with the Hall measurements. In MoO3, the bonding framework is

composed of five O(pπ) and three Mo(t2g) orbitals, which interact to form π and π*
bands [5]. As the extra electrons supplied by the inserted lithium are in the

antibonding π* states, Li0.3MoO3 is expected to exhibit a two-dimensional type of

electronic conductivity. The narrowing of the conduction band leads to an increase

in the effective electron mass which affects the position of the Drude edge in

LixMoO3 phases. The temperature dependence of the absorption coefficient

shows a small increase of α with temperature, which can be attributed to the fact

that Li-intercalated MoO3 is a degenerate semiconductor for x¼ 0.3.

5.2.2 V2O5

Vanadium pentoxide, V2O5, was one of the earliest studied ICs that can exhibit

several different phases upon intercalation of 3Li per formula. V2O5 crystallizes

with an orthorhombic unit cell structure and belongs to the Pmnm space group with

lattice parameters a¼ 11.510 Å, b¼ 3.563 Å, and c¼ 4.369 Å [15, 16]. The crystal

structure of orthorhombic V2O5 is usually described as made up of chains of edge-

sharing VO5 square pyramids (Fig. 5.5a). These chains are linked together via

corner sharing. The distorted polyhedra have a short vanadyl bond (1.54Å) and four
oxygen atoms located in the basal plane at distances ranging from 1.78 to 2.02 Å
(Fig. 5.5b). Here, the oxygen atoms surrounding a vanadium atom are geometri-

cally labelled O1, O21, O23, O
0
23, and O3, respectively. In the deformed octahedron

including the O0
1 atom, a V–O1 bond length is the shortest: 1.54 Å, and a V–O0

1

distance is 2.81 Å. The deformed octahedrons, which have common corners in the

b direction are linked by common edges, giving rise to chains in the a-direction.
The complex phase diagram of lithia-vanadium pentoxide had been described by

several groups [17–19] employing electrochemical and chemical synthesis. Fig-

ure 5.6 shows a schematic representation of the α- and γ-LixV2O5 structure and the

Li-V2O5 phase diagram proposed by Galy [20]. The discharge curve of a Li//

LixV2O5 cell in the range 0� x� 3 is shown in Fig. 5.7. It is seen that insertion

of up to 1 Li per formula unit proceeds in two distinct steps, each accounting for
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half the charge. Upon lithium intercalation up to x¼ 3 in LixV2O5, a series a

structural rearrangement (α-, ε-, δ-, and γ-LixV2O5 phases) emerges that corre-

sponds to a theoretical specific capacity of 442 mAh g�1.

When the amount of lithium content is increased beyond x¼ 1, the discharge

curve exhibits a sharp potential drop followed by a region with a plateau charac-

teristic of a two-phase domain, for which the δ- and γ-LixV2O5 phases are in

Fig. 5.6 Schematic representation of (a) α-LixV2O5, (b) γ-LixV2O5, and (c) the Li-V2O5 phase

diagram

b

a
a

b
c

3

o

o
V

2.8123

1.88

1.88

1.
54

1.77 2.02

o
21o

23’o

ba 1o

1’ov empty site

Fig. 5.5 (a) Projection of the layered structure of V2O5 on (001). Superimposed oxygen atoms are

symmetrically displaced. (b) The deformed pyramid of the V2O5 structure, shown with the

coordinate system and labels of V, O1, O21, O23, and O3 atoms. The solid and dashed lines
schematically represent the chemical bonds, and numerical values indicate the bonding length

(Å) between atoms. The O0
1 atom is the O1 type atom belonging to the neighbor pyramid painting

at opposite direction
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equilibrium. When the amount of lithium inserted is restricted to x< 2, the revers-

ibility in the composition range 0< x< 1 is not much affected [21]. At x� 3, the

new ω-V2O5 phase appears [22, 23]. This phase has a NaCl-like structure with high

number of vacancies. In shear vanadium oxide, V2O5, the O2� along the shear

planes are bonded to three cations and, indeed, high values of the chemical

diffusion coefficient have been measured. LixV2O5 shows values of 10
�8 cm2 s�1

in the range 0.01–0.98 [24]. Recently, Li et al. [25] reported the lithium insertion in

the β-LixV2O5 phases (0< x� 3) for powders synthesized by the hydrothermal

treatment of α-V2O5 at 220 �C for 24 h followed by post-heating at 650 �C for

3 h. The rigid 3D host lattice of the monoclinic tunnel-like β-V2O5 shows desirable

reversibility upon 3Li uptake per formula unit and a discharge capacity exceeding

330 mAh g�1 at current density 10 mA g�1 in the potential range 4.0–1.8 V.

5.2.3 LiV3O8

Lithium trivanadate, LiV3O8, is a mixed-valence oxide. Firstly reported by

Wadsley [26], LiV3O8 is a quasi-layered compound, which can be regarded as a

lithia-stabilized V2O5 compound. It crystallizes in a monoclinic symmetry (P21/m
S.G.) and consists of octahedral (VO6) octahedral and trigonal bipyramidal (VO5)

ribbons. In this structure, distorted (VO6) octahedra are connected by shared edges

and vertices to form (V3O8)
� anions that stack one upon another to form quasi

layers (Fig. 5.8). The spacing between slabs is sufficiently flexible to accommodate

guest species on octahedral and tetrahedral interstitial sites [27, 28].

Fig. 5.7 Discharge curve of the Li//LixV2O5 electrochemical cell. At x¼ 3, the system reaches the

NaCl-like ω-Li3�xV2O5 phase (black curve)
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When intercalating Li+ ions into the LiV3O8 framework to the composition of

Li4V3O8, the V3O8 framework remains intact and the monoclinic unit cell parameters

vary isotropically with phase changes [29]. As reported by several workers [28, 30–

34], the V3O8 sublattice is very stable upon lithiation leading to composition

Li3.8V3O8 owing to the availability of the 2D interstitial space for the transport of

Li+ ions. This feature makes LiV3O8 an attractive cathode candidate for lithium

secondary batteries with a specific capacity higher than 300 mAh g�1. Electrochem-

ical intercalation mechanism was investigated including long-term cycling and kinet-

ics Li+ ions [35–37]. LiV3O8 has a lower Li-ion diffusion coefficient (~10
�13 cm2 s�1)

thanLixV2O5 (~10
�10 cm2 s�1) [37]. Jouanneau et al. [38] reported that the dissolution

of a small quantity of VIII in the electrolyte occurring during the reduction at 2.3 V

depends on the morphology of the powders. Figure 5.9 shows the typical voltage

vs. composition x(Li) curve for Li//Li1.2+xV3O8 cell. Initial discharge capacity of

308 mAh g�1 at 20 mA g�1 corresponds at x¼ 3.8Li uptake. The discharge curve

shows a rather complex process, at first the open circuit voltage of Li1.2+xV3O8 drops

rapidly to 2.85 V for the composition x� 0.8 (S-shape region), where the lithium is

Fig. 5.8 (a) Representation of [010] view of the layered structure of LiV3O8 (P21/m S.G.).

The circles represent the octahedral site Li(1) and the tetrahedral site Li(2) between the layers.

(b) [010] View of the structure of Li4V3O8. The c-axis is horizontal within a V3O8 layer

Fig. 5.9 The typical

voltage vs. composition

x(Li) curve for Li//LiV3O8

cell. The discharge–charge

processes is rather complex

reactions that correspond to

multistep Li insertion–

extraction associated with

the reduction–oxidation of

vanadium ions. The

different steps are indicated
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inserted into the interstitial sites Li(2). Then, the voltage drops less rapidly from 2.85

to 2.7 V in the domain 0.8� x� 1.7, where the lithium is inserted into the interstitial

space of the Li2V3O8 structure, possibly in the St(1) and St(2) tetrahedral sites. At
x> 1.7, the voltage curve shows a plateau at 2.5 V characteristics of a two-phase

system,with the coexistence of Li2.9V3O8 compound and the defect rock-salt structure

of nominal composition Li4V3O8. Li1+δV3O8 is a semiconductor that exhibits a

polaronic conduction (σe¼ 10�5 S cm�1 at room temperature, Ea¼ 0.25 eV).

As for all ICs, the method of preparation of LiV3O8 appears to be important to its

electrochemical features. Synthesis technique include: the traditional solid-state

reaction using Li2VO3 and V2O5 at high temperature (680 �C) [38], sol–gel method

[39], precipitation technique [40], hydrothermal method [41], freeze-drying tech-

nique [42], combustion synthesis [43], spray pyrolysis route [44] and polymer

assisted method [45]. West et al. [32] have compared the capacity and cycling

behavior of several samples. Nanostructured LiV3O8 cathode materials were syn-

thesized under several forms including nanocrystals [46, 47], nanowires [48, 49],

nanorods [41, 50], and nanoflakes [51]. Improvement of the intercalation process

was also achieved by effective doping [52]. Nanosheets with a thickness of 15–

30 nm width were synthesized by hydrothermal method combined with a solid-state

process using uniform (NH4)0.5V2O5 nanosheets as the precursor. Good cycling

stability of 149 mAh g�1 at 5C was demonstrated by the stability retention of 85 %

[53]. Surface modification with conducting materials appears to be efficient to

enhance the electrochemical properties of LiV3O8 via suppressing the dissolution

of active materials and the overall phase change [54]. Kumagai et al. [55] reported

the use of LiV3O8 powders ultrasonically treated.

5.3 Ternary Layered Oxides

This class of materials include the LiMO2 compounds (M¼Co, Ni, Cr) and the

related oxides LiCoM0O2 where M0 is a substituting trivalent or divalent element

(M0 ¼Ni, Cr, Fe, Al, B, Mg, etc.). LiMO2 oxides adopt the α-NaFeO2-type crys-

tallographic structure that belongs toR3m (D3d
5) space group. This structure derives

from the NaCl structure with a stacking of Li ions between adjacent MO2 slabs

[56]. The individual coordination octahedron is face-sharing. They show higher

operating voltage than the conventional 3-V systems; a relationship between the

level of operating voltage of transition-metal oxides and their d-electron character

has been recognized. Among them, LiNiO2 and LiCoO2, as well as their solid

solutions LiN1�yCoyO2, are isostructural with α-NaFeO2. Crystal radius for Co
3+

ion (68 pm) is almost the same as that of Ni3+ ion (70 pm) (ions in octahedral sites in

the low-spin state), so that a solid solution of LiNiO2 and LiCoO2 may be obtained

[57]. Schematic crystal structures of P2-, P3-, O2-, and O3-LiMO2 are shown in

Fig. 5.10. The labels “O2” and “O3” indicate that the Li environment is octahedral

in both cases, but the stacking sequences of the oxygen layers are ABCB and

ABCABC, leading to two and three sets of Co and Li layers in the hexagonal unit
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cell, respectively. The electrochemical performance of O2-LiCoO2 is competitive

to that of conventional O3-LiCoO2, but its synthesis is more difficult and it is thus

not convenient for industrial application [58].

Studies of structural properties of the α-NaFeO2 type structure have shown that

the oxygen sublattice can be considered as distorted from the fcc array in the

direction of the hexagonal c axis [59, 60]. Considering the XRD patterns, the

trigonal distortion gives rise to a splitting of the (006, 102) and (108, 110) Bragg

lines that are characteristic of the lamellar framework. When the distortion in the

c direction is absent, the ratio of the lattice parameters, c/a is √24 (4.899), and the

(006, 102) and (108, 110) lines will merge into single peaks [61].

5.3.1 LiCoO2 (LCO)

Identified and tested by Goodenough et al. [3, 62] LiCoO2 (LCO) is considered as

the prototypal cathode oxide in which fast charge–discharge reaction occurs in the

potential range 3.6–4.2 V [63]. After almost three decades, this material and its

derivatives were still used in commercial lithium-ion batteries in the form of

“normal” thermodynamically stable O3-structure as well as in the O2-structure.

In the O3-LiCoO2 lattice, M cations are located in octahedral 3a (000) sites and

oxygen anions are in a cubic close-packing (ccp), occupying the 6c (00z, 000z)
sites. Li ions reside at Wyckoff 3b (00½) sites. The transition-metal and lithium

ions are occupying the alternating (111) planes. The Bravais cell contains one

molecule (Z¼ 1). The lattice constants (a¼ 2.806 Å, c¼ 9.52 Å) show that

Fig. 5.10 Crystal structures of P2-, P3-, O2-, and O3-type LiMO2. Here O states for octahedral

coordination of the cation and the number corresponds to the number of layers building the unit

cell. In O3-type each layer is related to the others by translation whereas in O2-type every second

layer is rotated by 60�
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O2-LiCoO2 has a slightly larger interlayer spacing than the conventional

O3-LiCoO2 lattice (a¼ 2.816 Å, c¼ 14.08 Å). This former material has a more

pronounced layered structure. For the refinement of the O2-LiCoO2 lattice, the

P63mc (no. 186) space group was used with oxygen and cobalt atoms located on 2a
and 2b sites, respectively. The strong covalent bond in LiCoO2, with reduced Co–O

bond distance, results in stabilization of Co3+ in low-spin ground state that is

d6¼ (t2g)
6(eg)

0, S¼ 0, and reduces the electronic conductivity of the compound.

A wide range of techniques were used to prepare LCO with different character-

istics: morphology, size (from micron to nanometer), and size distribution of grains,

all important factors in the development of efficient cathode materials. In the

synthesis of LCO, the rhombohedral structure is obtained at high temperature

T> 850 �C (called HT-LCO), while a low temperature phase (LT-LCO) was

prepared around 400 �C with a spinel structure Li2Co2O4 [64]. Shao-Horn

et al. [65] found that LT-LCO nucleates from an intermediate LixCo1�x[Co2]O4

spinel product before transforming more slowly to HT-LCO.

The traditional solid-state process is very popular [56, 66, 67]. It consists in

sintering the mixture of cobalt carbonate (or oxide) and lithium carbonate

(or hydroxide) at high temperature T� 850–900 �C in air for several hours.

Numerous other techniques of LCO preparation, aiming to obtain fine grains with

narrower size distribution, include: sol–gel method using various chelating agents

[68, 69], combustion synthesis [70], molten salt synthesis [71], mechanical activa-

tion [72], freeze-dried salt synthesis [73], hydrothermal route [74], and microwave

synthesis [75]. Akimoto et al. [76] succeeded to grow LiCoO2 single-crystal by a

flux method of the slow cooling from 900 �C in a gold crucible.

In Fig. 5.11a, the charge–discharge characteristics of the Li//LiCoO2 cell is

reported with the various phase in LixCoO2 in the range 0< x< 1 [67, 77]. In the

Fig. 5.11 (a) Electrochemical features of the Li//LiCoO2 cycled in the voltage range 3.0–4.8 V.

Powders were synthesized by sol–gel method. (b) Capacity retention as a function of the working

region. When the LiCoO2 electrode is operating with the cutoff voltage 3.6–4.5 V, the capacity

fading becomes very important
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potential domain 2.5–4.3 V, the voltage profile of LiCoO2 displays the typical

plateau at ca. 3.92 V, which is the characteristic feature of the first phase transition

denoted H1$H2. This transition has been associated to a semiconductor-metal

transition. The capacity retention of LiCoO2 electrode is clearly depicted as a

function of the working region. For a cell working between 3.6 and 4.2 V, the

capacity is quite stable, while for a voltage cutoff 3.6–4.5 V the capacity decreases

drastically with the cycle number due to the loss of oxygen at deep lithium

extraction (Fig. 5.11b). The tendency to lose oxygen at lower lithium contents

appears to limit the practical capacity of the Li//LiCoO2 system to 140 mAh g�1.

Both O2-LCO and O3-LCO materials exhibit similar reversible phase transition as

a function of the x(Li) [78, 79]. The first transition (at 3.90 V for O3 and 3.73 V for

O2) is connected with a large change in lattice constant but minor change in crystal

structure; this modification is noted H1$H2 in O3-LiCoO2 and O21$O22 in

O2-LiCoO2. When LixCoO2 approaches x¼ 0.5, both materials exhibit a phase

transition that possibly is due to lithium ordering. This is a continuous phase

transition (H2$M) to the monoclinic phase in O3. If more Li is removed, another

continuous transition M$H3 occurs in O3-LiCoO2. However, there are some

controversies on the crystal chemistry and the phase diagram of delithiated

LixCoO2 [80].

The structural evolution of the LiCoO2 phase during Li extraction (charge

process) is still subject to debate (Fig. 5.12). Structural and chemical stabilities of

Li1�xCoO2�δ and Li1�xNi0.85Co0.15O2�δ with 0� (1�x)� 1 electrode materials

have been investigated by chemically extracting lithium using acetonitrile solution

of NO2BF4 [81]. This technique has the advantage of using samples free of carbon

and binder. The LixCoO2�δ and Li1�xNi0.85Co0.15O2�δ systems maintain the initial

O3-type structure, for 0.5� x� 1 and 0.3� x� 1, respectively. While LixCoO2�δ

begins to form a P3-type phase for x< 0.5, Li1�xNi0.85Co0.15O2�δ begins to form a

new O3-type phase, designated as O30 phase, for x< 0.3. The P3-type and the O30

phases have smaller c parameters than do the O3-type phase and oxygen contents

lower than 2, resulting in a loss of oxygen from the lattice for x< 0.5 and x< 0.3,

respectively, for LixCoO2�δ and LixNi0.85Co0.15O2�δ. The formation of the P3-type

and O30 phase is related to the introduction of holes into the O:2p band and the O–O
interaction. The loss of oxygen was also confirmed for electrochemically charged

samples. Unfortunately, only 50 % of the theoretical capacity of LiCoO2 could be

practically utilized. This corresponds to a reversible extraction/insertion of 0.5 Li

per cobalt and a practical capacity of 140 mAh g�1 because capacity fade occurs

below x< 0.5 in LixCoO2. Reimers et al. [82] attributed the limitation in practical

capacity to an ordering of lithium ions and consequent structural distortions around

x¼ 0.5 in LixCoO2. However, Chebiam et al. [78] believed that the limited capacity

could be due to chemical instability of LixCoO2 at deep charge with x< 0.5. One

way to overcome the chemical instability of LixCoO2�δ could be the modification

of its surface with nanophase inert oxides such as Al2O3 and ZrO2 [83]. A set of

experiments, XRD, photoelectron spectroscopy and band structure calculations,

shows that the degradation and fatigue of LixCoO2 and LixNiO2 (0.5< x< 1) are

due to the broadening of the Co/Ni 3d states upon Li deintercalation [84].
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5.3.2 LiNiO2 (LNO)

LiNiO2 (LNO) is isostructural with LiCoO2 and has the O3 layer structure. The

Ni3+/4+ couple with a high lithium chemical potential μLi(c) provides a high cell

voltage of around 4 V (Fig. 5.13) like LiCoO2. However, LiNiO2 suffers from a few

drawbacks: (1) the difficulty to synthesize LiNiO2 with all the nickel ions in the

Ni3+ valence state and crystallized in a perfectly ordered phase without a mixing of

cations Li+ and Ni2+ ions in the insterslab space to form the [Li1�xNix]3b[Ni]3aO2,

where 3a and 3b are the site occupancy into the intra- and inter-layer space,

respectively [85], (2) the Jahn–Teller distortion (tetragonal structural distortion)

associated with the low spin Ni3+:d7 (t2g
6eg

1) ion [86], (3) irreversible phase

transitions occurring during the charge–discharge process [87], and (4) exothermic

Fig. 5.12 XRD patterns of LiCoO2 and chemically delithiated using with a required amount of the

NO2BF4 oxidizing agent and anhydrous acetonitrile mixture. Note that the (003) reflection of the

end member CoO2-d occurs at a slightly higher 2q value than that of the new phase formed at

x¼ 0.45, which could be due to a small lithium solid solubility range for the P3-type phase and/or

changes in the oxygen content of the P3-type phase with the overall lithium content
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release of oxygen at elevated temperatures and safety concerns in the charged state

[88]. The deviation of Li1�xNi1+xO2 from stoichiometry was studied by magnetic

measurements [89]. We return to the magnetic properties of this material in

Chap. 13 devoted to experimental technics.

As a result, pure LiNiO2 is not a promising material for commercial lithium-ion

cells although nickel is slightly less expensive and less toxic than cobalt. The

formation of low lithium content LixNiO2 (x< 0.2) causes cycle life failure. In

addition, the material becomes highly catalytic toward electrolyte oxidation and

some of the nickel ions may migrate to lithium sites. LNO is considered as

thermally unstable in its charged state [90]. The formation of pure LNO is difficult,

and residual NiII (up to 1–2 %) exist between the NiO6 slabs. In fact, the irrevers-

ibility during the first cycle of charge–discharge is mainly related to the amount of

NiII between the slabs, which require extra charge for oxidation to higher valency

state [91], when electrolyte decomposition is controlled. Through careful synthesis

and adjustment of lithium concentration in the material during heat treatment, it

was obtained LNO very close to stoichiometry. In order to stabilize the structure of

LiNiO2 at low lithium content, sp elements such as B and Al were used as dopant

of the LNO materials. These doping elements do not participate in oxidation

reduction processes during charge–discharge of the cell. Figure 5.14 shows the

Fig. 5.13 Electrochemical features of LiNiO2 powders: (a) first charge-discharge profile and (b)
the incremental capacity

Fig. 5.14 The charge

discharge profile of

aluminum doped

LiNi1�yAlyO2 with y¼ 0.05
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charge–discharge of aluminum doped LiNi1�yAlyO2 with y¼ 0.05. The specific

capacity of the cell reduces as a function of Al content, as the Al does not participate

in the redox process. The capacity changes almost linearly with respect to the Al

content up to 25 at%. This result may indicate a solubility limit in the formation of a

solid solution between LiAlO2 and LiNiO2. It is also observed that the first charge–

discharge irreversibility also increases as the amounts of Al in the samples were

increased. The extra nickel in the lithium sites may cause the increase in first cycle

irreversibility [92]. Ohzuku et al. [93] suggested the composition LiNi3/4Al1/5O2 as

more stable compound for lithium-ion batteries.

5.3.3 LiNi1�yCoyO2 (NCO)

Efforts are currently done to improve the electrochemical performance of elec-

trodes based on LiNiO2 oxides, by forming the LiNi1�yCoyO2 (NCO) solid solu-

tions that are considered as Ni-rich compounds. Delmas et al. [94] pioneered studies

of the NCO system. These solid solutions lead to successful results and progress has

already been made to overcome the capacity fading by doping with several cations;

it was noticed that the cationic mixing in the lithium sites still remains but at lower

extent [95–99]. Many techniques were utilized for the NCO preparation. Julien

et al. [100] synthesized LiNi0.3Co0.7O2 powders of 510 nm particle size by the

glycine–nitrate combustion process. This sample had significantly higher capacity

(140 mAh g�1) than samples synthesized by the sol–gel method (125 mAh g�1).

Julien et al. [69] prepared NCO by sol–gel technique assisted by citric acid as

chelating agent. The structural properties of NCOs are found to be similar to their

parent oxide, O3-LiCoO2. A slight increase of the (Co,Ni)O2 slab covalency is

observed in LiNi1�yCoyO2 powders. FTIR absorption spectra indicate the slight

modification in the local structure related to the short-range environment of oxygen

coordination around the cations in oxide lattices [101]. The variation of the lattice

parameters as a function of the substitution of Co for Ni in LiNi1�yCoyO2 reported

in Fig. 5.15 These graphs follow the Vegard’s law showing that the solid-solution is

completed in these compounds. An interesting point to emphasize is the variation of

the (c/a) ratio, which characterizes the degree of anisotropy of the layered structure.
This criterion establishes the deviation from the hexagonal-close-packed structure

when (c/a)> 4.92 for y¼ 0 and (c/a)< 4.99 for y¼ 1 [97]. Such graphs are also

plotted in Fig. 5.15 for LiNi1�yCoyO2 synthesized by wet chemistry via citrate

route. From the plot (c/a) vs. y, we can appreciate the cation mixing effect.

The binding energy of the Co–O bond being higher than that of the Ni–O bond,

the strong Co–O skeleton can contribute to the stability of LiNi1�yCoyO2 in the

charged state.

In the case of LiNi1�yCoyO2, even a small cobalt content shows the effect

of reducing the amount of Ni3+ present in the 3a sites, stabilizing the layered

structure and enhancing electrochemical capacity and the reversibility of the

charge–discharge process. The same effect may occur when iron is partially
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substituted for cobalt in LiFeO2: the layered structure is thought to be stabilized by

cobalt ions present, reducing the amount of Fe3+ present in the 3a sites, thus

facilitating lithium diffusion and rendering lithium deintercalation possible. The

cathode layered structure enables fast 2D Li+-ion diffusion and direct metal–metal

intercation across the shared octahedral edges, which supports high operating

voltage (>4.0 V vs. Li0/Li+). As experimental facts, the iron-enrichment on the

cathode surface of LiNi1�yFeyO2 and LiCo1�yFeyO2 prevents surface-electrolyte

instability at these high operating voltages and Fe-substituted cathodes exhibit

superior rate capability and lower surface resistance (Rs) and charge transfer

resistance (Rct) compared to the unsubstituted cathode. In LiNi1�yFeyO2, Li sites

are reportedly Ni and Fe, and their oxidation states are 2+ and 3+, respectively and

Fe3+ occupies Li sites preferentially, compared to Ni2+; this suggests the chemical

formula for the Fe-substituted samples as follows: Li1�zNi
2þ
z�aFe

3þ
a

� �
inter-slab

Ni3þ1�yFe
3þ
y�aNi

2þ
zþa

h i
slab

O2. Variations of the trigonal distortion and cation mixing

could be estimated from XRD patterns using two factors involving the Bragg line

intensity. It is known that the smaller value of the ratio (I006 + I102)/I101, called the

R1-factor, is related to higher hexagonal ordering and the large value of the ratio

R2¼ I003/I104 is related to the smaller cation mixing. The Li(Ni0.5Co0.5)1�yFeyO2

cathodes synthesized under mild conditions (sol–gel technique) shows the smallest

R1-factor [(I006 + I102)/I101] and the largest I003/I104, indicating better hexagonal

ordering and less cation mixing, respectively, for y¼ 0.1 (Fig. 5.16). The direction

of the c-axis distorted in the R3m structure is reflected by the splitting of the (006)

and (102) peaks, and (108) and (110) peaks in the XRD patterns (see Fig. 5.12).

Fig. 5.15 (a) and (b) The variation of hexagonal unit-cell parameters with cobalt concentration

y in LiCoyNi1�yO2 solid solution. (c) The variation of the (c/a) ratio as a function of cobalt content.
Dashed line represents the (c/a) vs. y relationship without cation mixing effect
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Since the voltage-composition curves for LCO and LNO are similar, the NCO

solid solution could be expected to give a cathode performance similar to that of

LixCoO2, but with a significant reduction of cobalt and partly elimination of the NiII

from the lithium layers for y> 0.3. It was demonstrated that the Ni4+/Ni3+ couple

lies about 0.35 eV above the Co4+/Co3+ couple, which gives a somewhat larger

capacity [102]. Although the capacity of LiCoO2 is about 130 mAh g�1, the

capacity of LiNi1�yCoyO2 with part of the Co substituted by Ni increases to about

180 mAh g�1 but the discharge voltage falls slightly (suppression of the H1$H2

transformation). This solid solution system, especially the composition

LiNi0.8Co0.2O2, appears to replace LiCoO2. A charge–discharge voltage profile

for this composition is shown in Fig. 5.17. The LiNi0.8Co0.2O2 electrode showed

a high discharge capacity of 200 mAh g�1 at 25 �C. Investigations of the physical-
chemistry of LiNi1�yCoyO2 compounds include structure and morphology [101],

vibrational spectroscopy [103], magnetism [104, 105], electronic transport [97],

nuclear magnetic resonance [106] as a function of the composition. Chebiam

et al. [107] showed that cobalt-rich phases tend to lose oxygen on deep lithium

extraction due to the overlap of the Co3+/4+:t2g band with the top of the O:2p band in
Li1�xNi1�yCoyO2�δ.

Thin films LiNi1�yCoyO2 compounds were also prepared [108]. Highly oriented

LiNi0.8Co0.2O2 films grown by pulsed-laser were fabricated for application in

microbatteries [109]. Electrochemical titration curve shows a specific capacity of

85 μAh μm�1 cm�2 at current density 4 μA cm�2 in the potential range 2.5–4.3 V.

Fig. 5.16 Variation of the R-factors indicating better hexagonal ordering and less cation mixing

for y¼ 0.1 in Li(Ni0.5Co0.5)1�yFeyO2
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5.3.4 Doped LiCoO2 (d-LCO)

LCO was doped with several elements to stabilize the layered lattice at x(Li)<½ and

extend the specific discharge capacity of LiCo1�yM
0
yO2 [110, 111] Doping elements

include M0 ¼Al [112, 113], M0 ¼Mg [99], M0 ¼B [114], M0 ¼Cr [115]. They were

mainly prepared by soft-chemistry via dicarboxylic acid-assisted sol–gelmethod [116,

117]. In this technique, the chelating agent, CnHmO4, with COOH groups, plays the

role of oxidant starting from high purity metal acetates dissolved in a minimum

volume of distilled water. The concentration of the chelate was adjusted carefully to

get a solution with the pH in the range 3–4. The paste was further dried at 120 �C to

obtain the dried precursor mass. The decomposition of the precursor wasmade in air at

around 400 �C followed by calcination at 800 �C. Scanning electron microscopy

(SEM) studies reveal the nano-structured morphology of the powders. The influence

of Al doping on particle size and morphologies has been clearly evidenced [118]. The

layered structure of boron-substituted LiCo1�yByO2 is preserved upon a large amount

of BIII incorporation (y� 0.25), for which no residual impurity phases were detected

[114]. The limit of solubility of boron is also the composition that optimizes the

electrochemical properties. Up to y� 0.2 the boron improves importantly the cycling

performance of the battery, as the dopant favors lattice adaptation to the insertion/

extraction of Li+ ions and prevents the onset of the structural first-order transition

associated with the Verwey transition in Li0.5CoO2. Abuzeid et al. [119] reported the

synthesis of LiCo0.8Mn0.2O2 using a wet-chemical method via citric-acid route. This

cathode material has the ability to free Li+ ions from its structure by chemical process

analogous to the first step of the charge transfer reaction in an electrochemical cell.

Both the concentration ofMn3+–Mn4+ pairs and that ofMn4+–Mn4+ pairs formed in the

delithiation process have been determined, together with that of theMn3+–Mn3+ pairs.

The results indicate a random distribution of the Li ions that are removed from the

matrix upon delithiation, which then undergo a diffusion process. Testing the material

as cathode in lithium batteries revealed a capacity of ~170 mAh g�1 with lower

polarization and high coulombic efficiency [120].

Fig. 5.17 Typical charge–

discharge characteristics of

Li//LiNi0.8Co0.2O2

nonaqueous cells using the

electrolyte of composition

1 mol L�1 LiClO4 in PC at

25 �C. Charge and
discharge were obtained at

current densities 0.1 mA/

cm2. LiNi0.8Co0.2O2

powders were fired at

700 �C for 4 h in air
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In Fig. 5.18, the electrochemical features of synthesized LiCo0.7M
0
0.3O2

(M0 ¼Ni, Al, B and Cr) layered oxides are compared. The electrochemical features

of the layered LiCo0.7Ni0.3O2, LiCo0.7Al0.3O2, and LiCo0.65B0.35O2, oxides resem-

ble to that of LiCoO2. Replacing a small amount of Co demonstrates the disappear-

ance of the voltage plateau at 3.85 V in the charge curve. This is attributed to the

absence of the semiconductor-metal transition withM0 substitution [121]. Chemical

substitution of products improves electrochemical properties for Al- and Ni-based

materials, which exhibit good capacity retention. The efficiency in maintaining

capacity retention is observed over a large number of cycles without sacrificing

initial reversible capacity. However, the electrochemical profile of the

LiCo0.7Cr0.3O2 cell displays a large capacity fading attributed to the structural

distortion upon substitution [115]. The electrochemical profiles of Li//LiCo1�yByO2

cells including various levels of boron substitution (0.05� y� 0.35) in their positive

electrode provide very low polarization during charge–discharge cycling, with

capacity over 130 mAh g�1 when charged up to 4.3 V vs. lithium anode. Capacity

of the LiCoO2 doped with 15 % boron remains over 125 mAh g�1 after 100 charge–

discharge cycles. It appears that a less electrolyte decomposition occurs with boron

or aluminum substitution in LiNiO2 and LiCoO2 cathodes in lithium batteries [99].

Fig. 5.18 Electrochemical features of Li//LiCo1�yM
0
yO2 cells during the first charge–discharge

cycle carried out in the range 2.5–4.4 V at C/10 rate. (a)M0 ¼Ni, (b)M0 ¼Al, (c)M0 ¼B, and (d)
M0 ¼Cr
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5.3.5 LiNi1�y�zCoyAlzO2 (NCA)

Among the Ni-rich layered compounds, LiNi1�y�zCoyAlzO2 (NCA) exhibits

enhanced electrochemical performance compared with non Al-doped

LiNi1�yCoyO2 mixed materials because of its structural and thermal stability

[122–125]. The specific composition LiNi0.80Co0.15Al0.15O2 is currently used in

the 85-kWh battery pack to power the EV Roadster by Tesla at high speed. Note

that NCA-type materials are currently used in SAFT commercial batteries for

various applications (EV, HEV, space, military, etc.) [126]. Majumdar et al. [127]

synthesized NCA powders via wet-chemical route using metal acetates and alumi-

num nitrate. The electrochemical features carried out in the potential range 3.2–

4.2Vat a current density 0.45mAcm�2 showed a specific capacity of ~136mAhg�1.

NCA prepared by a co-precipitation method showed a quasi-ideal lamellar structure

with less than 1 % extra-nickel ions in the interslab space [92]. Bang et al. [124]

investigated the structural change of the delithiated cathode LiNi0.80Co0.15Al0.05O2

during thermal decomposition, the XRD analysis was carried out with different

states-of-charge (SOCs). As the SOC increases, the (018) and (110) Bragg lines at

2θ¼ 65� move toward lower higher angles, respectively. An increase in the distance

between these reflections indicated an increase in the c/a ratio of the NCA lattice

[128]. Improvement of the electrochemical performance at high temperature (60 �C)
was obtained by coating the NCA powders with metal oxides. Cho et al. [129, 130]

stabilized the surface of nanoparticles by SiO2 and TiO2 dry coating. Surface

modification of NCA nonapowders has been also obtained with various other

coatings such as Ni3(PO4)2 [131], AlF3 [132], Li2O-2B2O3 (LBO) glass [133], and

carbon [134]. Enhancement of the capacity retention (169 mAh g�1 at current

density 360 mA g�1) at high temperature of LiNi0.80Co0.15Al0.05O2 has been

obtained with a 2 wt% LBO coating [133]. Belharouak et al. [135] studied the

thermal degradation of deintercalated NCA samples. They reported that the oxygen

release from these delithiated powders was associated with the occurrence of several

structural transformations, ranging from the R3m ! Fd3m (layered! spinel)

transition to the Fd3m!Fm3m (spinel!NiO-type) transition.

5.3.6 LiNi0.5Mn0.5O2 (NMO)

Layered, monoclinic LiMnO2 is isostructural with LiCoO2 but transforms on cycling

at 3–4 V vs. Li0/Li+ to more thermodynamically stable spinel phase. Cation doping

(e.g., Ni2+ or Cr3+) can be used to stabilize the layered phase with some success. The

layered oxide LiNi0.5Mn0.5O2 (NMO) was reported to be a promising positive

electrode material [136, 137]. LiNi0.5Mn0.5O2 adopts a hexagonal unit cell

(α-NaFeO2-like). XANES experiments have demonstrated that transition-metal

ions adopt the Ni3+ and Mn4+ state with a small fraction of divalent Ni2+ ions. The

manganese remaining in the +4 valence state at all times prevents the instabilities
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associated with Jahn–Teller Mn3+ ions. This material shows a reversible capacity

150 mAh g�1 in the voltage range 2.5–4.3 V and exhibits the superior characteristics

of a larger capacity than LiMn2O4 and better thermal stability than LiNiO2.

Structural analysis have shown that the lattice parameters of LiNi0.5Mn0.5O2 are

a¼ 2.896 Å and c¼ 14.306 Å and the chemical composition can be expressed by

referring to the Wyckoff positions 3a and 3b of the space group R3m as

[Li0.92Ni0.07]3a[Li0.08Mn0.5Ni0.43]3bO2. Figure 5.19a shows the magnetic properties

of LiNi0.5Mn0.5O2 [138] with the plot of the molar spin susceptibility, χ(T) as a

function of the temperature in the range 4–300 K. A cusp in χ(T) is observed close to
15 K that is similar to the spin-glass behavior reported for LiNiO2 [139, 140]. A large

deviation between ZFC and FC curves below 100 K indicates the existence of

ferromagnet. The ferromagnetic interaction is associated with the random occupancy

of 3a and 3b sites by 7 % Ni2+ and 50 %Mn4+, respectively. The 180� Ni2+-O-Mn4+-

O-Ni2+ superexchange interaction is assumed to be ferromagnetic in LiNi0.5Mn0.5O2.

In this layered compound the almost linear 180� M3a-O-M3b-O-M3a bond is expected

to be stronger than the interlayer 90� M3b-O-M3b bond when the 3a site is partially

occupied byM cations [139]. Figure 5.19b shows the charge and discharge curves of

the LiNi0.5Mn0.5O2 cell with a current density of 0.12 mA cm-2 and cutoff voltage of

2.6 and 4.2 V. This electrochemical profile indicates that the lithium deintercalation

process in LiNi0.5Mn0.5O2 proceeds via a single-phase reaction.

5.3.7 LiNi1�y�zMnyCozO2 (NMC)

In search of high-power lithium-ion batteries with excellent calendar life and better

thermal abuse tolerance to replace the Li//LiCoO2 system, the new chemistry

Li(Ni,Mn,Co)O2 (NMC) was first synthesized by Liu et al. [141]. These

compounds of various compositions, which look like the simple solid solution

Fig. 5.19 (a) Temperature dependence of the magnetic susceptibility of LiNi0.5Mn0.5O2 powders

for zero-field cooling (ZFC) and field-cooling (FC). (b) Charge and discharge curves of the

Li//LiNi0.5Mn0.5O2 cell with a current density of 0.12 mA/cm2 and cutoff voltage of 2.6 and

4.2 V. The cathode material was synthesized by citric acid assisted sol–gel method

140 5 Cathode Materials with Two-Dimensional Structure



LiCoO2-LiNiO2-LiMnO2 (Fig. 5.20), have been intensively studied with ultimate

goals of large enhancement of the thermal and structural stability and appreciable

increase of the capacity retention because the combination of nickel, manganese,

and cobalt can provide many advantages. The LiNi1�y�zMnyCozO2 compounds

crystallize with the α-NaFeO2-type structure (R3m space group). The pioneering

work of the Dahn’s group demonstrated the high performance of the

Li//LiNiyMnyCo1�2xO2 and suggested the valence state of transition-metal cations

such as divalent (Ni2+), trivalent (Co3+) and tetravalent (Mn4+), respectively

[142, 143]. Note that to keep the charge neutrality and avoid the Mn3+ Jahn–Teller

ions, the amount of Ni and Mn ions must be equal. It was reported that

LiNiyMnyCo1�2xO2 showed a specific capacity of 160 mAh g�1 over 2.5–4.4 V

[144] and the thermal behavior of charged LiNiyMnyCo1�2xO2 was milder than that

of charged LCO and LNO [145]. There are many factors that influence the elec-

trochemical features of LiNi1�y�zMnyCozO2 such as synthesis preparation, struc-

tural defects, morphology, composition, operation voltage domain. Lee et al. [146]

have investigated the defect chemistry and doping effects of NMCs in terms of

energetics and dynamics with special attention of the antisite pair defects. Proper-

ties of NMCs were summarized in several review papers [147–149]. NMR studies

have evidenced for a nonrandom distribution of the transition-metal cations in

LiNi1�x�yMnxCoyO2 [150]. The insulator-to-metal transition observed with

LiCoO2 disappeared at y	 0.2 due to the loss of contact between Co ions that

interrupts the cooperative effect. Various synthetic methods have been applied to

elaborate LiNi1�y�zMnyCozO2 compounds such as traditional solid-state reaction

[151, 152], supercritical water method [153], sol–gel technique [154],

co-precipitation synthesis [155–157], spray-drying method [121, 158, 159], radi-

ated polymer gel method [160], solvent evaporation method [161], molten-salt

synthesis [162], polymer template route [163], and Pechini method [164]. Among

these synthetic methods, co-precipitation and sol–gel route have been found pow-

erful, economic, and easy for large scale fabrication, because the TM ions are

precipitated in an homogeneous manner and oxidized in the aqueous solution at the

molecular level. Fujii et al. [165] indicated that high calcination temperature results

Fig. 5.20 The triangular

phase diagram of the

LiCoO2-LiNiO2-LiMnO2

solid solution
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in the formation of vacancies in the TM slabs, lowers the specific capacity and

degrades the cycle performance. The optimum calcination temperature is 900 �C in

order to obtain the electrochemically active and dense packed oxide particles.

Electrochemical performance of LiNi1�y�zMnyCozO2 cathode materials were

improved by doping cations [166, 167] and anion substitution of fluoride for oxygen

[168]. The long-range and local structure and cationic environment in

LiNi1�y�zMnyCozO2 were studied by FTIR and EPR spectroscopy [169]. Cation

ordering was investigated by using a combination of 6Li magic angle spinning

(MAS) nuclear magnetic resonance (NMR) spectroscopy and neutron pair distri-

bution function (PDF) analysis [150]. For Li[NixMnyCoz]O2 lamellar compounds,

the electronic conductivity is not a problem but these materials have poor cycling

stability at high rate or high cutoff voltage, which limits their use to portable

applications. Aurbach et al. [170] have suggested that the capacity retention is

strongly dependent on the surface chemistry of the particles because of resistive SEI

layer. That is why many attempts have been made to protect the surface of NMC

materials with metal oxides such as Al2O3, TiO2, ZrO2, and MgO, or other

compounds such as FePO4, LiFePO4, and Li4Ti5O12 [83]. The improvement of

the electrochemical performance due to the crystallization of the surface layer can

be understood as follows. First, the electronic conductivity is affected by the

structural disorder. This has been evidenced by transport experiments that have

shown an increase of conductivity when the calcination temperature used in the

synthesis process increases from 800 up to around 1000 �C, owing to improved

crystallinity of the materials [164]. In fact, a high crystallinity is essential to obtain

good electrical conductivity. In another approach, direct UV-assisted conformal

coating of poly(tris(2-(acryloyloxy)ethyl) phosphate) (PTAEP) gel polymer elec-

trolyte on as-formed LiNi1/3Mn1/3Co1/3O2 (NMC) cathode is quite a new process. A

smooth and continuous PTAEP coating layer with thickness 20 nm was obtained,

which improved the 4.6 V cycling performance, without impairing discharge

capability [171]. The authors, however, were too optimistic when claiming that it

suppressed the exothermic reaction. It only shifted the exothermic peak temperature

from 284 to 294 �C and reduced the exothermic peak from 649 to 576 J g�1. This is,

however, a new conformal coating strategy that has to be explored on other

electrodes.

Nowadays, the magic composition LiNi1/3Mn1/3Co1/3O2 with hexagonal struc-

ture, first introduced by the Ohzuku’s group in 2001, has attracted more significant

interest as a candidate of cathode materials because the good stability during

cycling even at elevated temperature, and high reversible capacity [155]. The

lithium excess cathode Li1+x(Ni1/3Mn1/3Co1/3)1�xO2 was found to exhibit better

cyclability and rate capability than the stoichiometric material up to a cutoff charge

voltage of 4.6 V vs. Li0/Li+ [172–174]. Ligneel found that NMC structural stability

[174]. Zhang et al. [173] have explored the co-precipitation route to synthesize the

Li1+x(NMC)1�xO2 powders and optimize its structure by adjusting one parameter of

the synthesis, namely the lithium–transition metal ratio (κ), so as to minimize the

cation mixing. The synthesis of NMC powders was performed by a hydroxide route

using transition-metal hydroxide and lithium carbonate as with Li excess
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0.04� x� 0.12 shows a strong starting materials. The final products were fired at

950 �C for 10 h in air. The samples described here were obtained with nominal

values: κ¼Li/M¼ 1.05 (sample-A) and κ¼ 1.10 (sample-B) with M¼Ni +Mn

+Co. The Rietveld refinement of the XRD spectra and the analysis of the magnetic

properties showed that the concentration of cation mixing for sample-A and

sample-B were below 2 %. Figure 5.21 shows the evolution of the structural

properties of LixNi1/3Mn1/3Co1/3O2 powders prepared by the citrate gel method

with metal molar ratio Li/(Ni +Mn+Co)¼ 1. The evolution of the lattice parame-

ters vs. x(Li) in LixNi1/3Mn1/3Co1/3O2 displays the two structural O1- and O3-phase.

The curves of the trigonal distortion measured from the c/a ratio, and particle size as

a function of the calcination temperature for LixNi1/3Mn1/3Co1/3O2 show that heat

treatment for 20 h is sufficient. The electrochemical features of are displayed in

Fig. 5.22a for Li1+x(NMC)1�xCo1/3O2 powders synthesized by the co-precipitation

method with κ¼ 1.05. Results show a loss rate of 0.15 % per cycle for the NMC

electrodes synthesized by co-precipitation method. More than 95 % of its initial

capacity was retained after 30 cycles in the cutoff voltage of 3.0–4.3 V at 1 C-rate.
Note that a cation mixing below 2 % can be considered as the threshold for which

the electrochemical performance does not change for NMC. The diagram of the

discharge capacity against thermal stability for a series of NMC cathode materials

Fig. 5.21 (a) Evolution of the lattice parameters vs. x(Li) in LixNi1/3Mn1/3Co1/3O2. Powders were

prepared by citrate gel method with molar ratio Li/(Ni +Mn+Co)¼ 1. (b) Evolution of the

trigonal distortion, i.e., the c/a ratio and particle size of LixNi1/3Mn1/3Co1/3O2 powders as a

function of the calcination time at the optimum temperature of 900 �C
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is shown in Fig. 5.22b. The number indicates the amount of Ni/Mn/Co in

LiNixMnyCozO2. This graph shows clearly that the more stable cathode is

LiNi0.33Mn0.33Co0.33O2.

5.3.8 Li2MnO3

Lithium manganate Li2MnO3 attracts an ever-growing attention of researchers and

is still the object of debates since, among the family of manganese oxides, it is one

of the most interesting compounds from the view point of electrochemical behavior

and structural evolution upon charge/discharge [175–179]. Li2MnO3 possesses an

O3-type structure that can be represented in conventional layered LiMO2 notation

as Li3a[Li1/3Mn2/3]3bO2, where interslab octahedral sites are only occupied by Li+-

ions while Li+ and Mn4+-ions (in a ratio of 1:2) occupy slab octahedral sites, and 3a
and 3b refer to the octahedral sites of the trigonal lattice [180]. In other words, in

Li2MnO3, 1/3 of the Mn-ions in the transition metal layer is replaced with

Li. Layers of lithium ions and alternating layers of manganese ions are separated

from one another by layers of cubic-close packed oxygen planes, thus resembling

the ideal layered structure of LiCoO2. It should be noted that Li2MnO3 is an

integrated part of the so-called high-energy cathode xLi2MnO3
(1�x)Li[M]O2

materials (M¼Mn, Ni, Co) for Li-ion batteries that provide reversible capacities

>200 mAh g�1 [181]. In these materials, Li2MnO3 component plays an important

role of supplying lithium and stabilizing the electrode structure. Li2MnO3 is rich in

mobile Li+ ions and theoretically can deliver a high capacity of 460 mAh g�1 for

Fig. 5.22 (a) The electrochemical features of Li1+x(NMC)1�xCo1/3O2 powders synthesized by the

co-precipitation method. The structure was optimized by adjusting the lithium–transition

metal ratio to κ¼Li/M¼ 1.05. Results indicated a rate of 0.15 % per cycle for the NMC

electrodes. (b) Diagram discharge capacity against thermal stability measured by the exothermic

peak temperature for a series of LiNixMnyCozO2 cathode materials. The number indicates the

amount of Ni/Mn/Co
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total Li extraction when charged up to 4.6 V. However, manganese cannot be

oxidized beyond +4 in an octahedral environment and Li2MnO3, especially in its

microcrystalline form, is considered electrochemically inactive for lithium inser-

tion and extraction. It was shown that Li+ extraction from Li2MnO3 is possible not

by oxidation of Mn4+ but by other mechanisms. They may involve simultaneous

removal of oxygen (Li2O) to balance the charge [182] or exchange of Li+ ions by

protons generated from oxidation reactions of the nonaqueous electrolyte solutions

at elevated temperatures [183]. Actually, Li2MnO3 becomes electrochemically

active in electrodes comprising its nano-sized particles and these electrodes dem-

onstrate much higher electrochemical activity in terms of capacity and cycling

behavior [178]. This can be due to decreasing the potential of the Li+-ions extrac-

tion from the host structure in the first charge associated with the higher surface-to-

volume ratio, much shorter distances for the electrons and the Li-ion transport in

nanoparticles, the increased surface concentration of the electrochemically active

sites, and with a better accommodation of strain during Li+ extraction/insertion.

Recently, Okamoto related a substantial decrease of the potential of the Li+-ions

extraction to the increasing concentration of oxygen vacancies in Li2MnO3, which

activate the Mn sites as the redox centers in the Li deintercalation reaction

[184]. There are many reports [185, 186] dedicated to structural transformations

of layered cathode materials LiMO2 for Li-cells (M¼ transition metal, like Mn, Ni,

Co) from the layered to spinel-type ordering upon Li electrochemical or chemical

deintercalation. Amalraj [179] reported this structural transformation upon charg-

ing Li2MnO3 electrodes that comprises micro- or nano-sized particles at high

anodic potentials (4.6–4.7 V). Ito et al. [187] have shown that in the first charge

of xLi2MnO3
(1�x)Li[M]O2 integrated materials, the formation of the spinel-type

ordering started just at the potential plateau around 4.5 V, at the same time as the

electrochemical activation of Li2MnO3 (Li2MnO3!Li2O +MnO2) occurs at this

potential. On the other hand, we have established that in the above materials, in

which the structurally compatible Li2MnO3 (layered monoclinic) and LiMO2 (lay-

ered rhombohedral) components are closely interconnected with one another and

coexist side by side in the structure, partial layered-to-spinel transition occurred

even at the early stages of the first charge (Li+-extraction), at 4.1–4.4 V [188]. In

this potential range, the Li+ ions are extracted (deintercalated) only from the

electrochemically active LiMO2 component, while Li2MnO3 remains inactive

until 4.5 V (Fig. 5.23). Therefore one can suggest that LiMO2 is “responsible” for

the observed partial transformation of the layered-type to spinel-type structural

ordering in electrodes comprising xLi2MnO3
(1�x)Li[M]O2 materials. This trans-

formation is supposed to be due to the partial irreversible migration of transition

metal cations into interlayer Li sites by the electrochemical charging the electrode

or by chemical delithiation (leaching) of the layered material in acidic media [175,

178, 183, 185].

The structural transformations from the layered-type to spinel-type ordering was

investigated at various states-of-charge of Li2MnO3 electrodes, even at the early

stages around 4.3 V far beyond the electrochemical decomposition of Li2MnO3, and

at 4.5 V (potential plateau) where it decomposes into Li2O and MnO2 [189]. This
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layered-to-spinel transformation was examined by means of X-ray and electron

diffraction techniques, Raman spectroscopy, and the study of the magnetic properties

of Li2MnO3, which is an efficient tool to probe structural ordering. The novelty of this

work is that layered-to-spinel structural transformations were detected and studied at

the initial states-of-charge, prior to the electrochemical activation of Li2MnO3

electrodes. In addition, the prior works related to this cathode material miss the

polymorphism of Li2MnO3 that is able to crystallize in α- and β-phases (Fig. 5.24)
depending on the sintering temperature during the synthesis process [190].

Fig. 5.23 Typical potential profiles measured in the ranges of 2.0–4.7 V (first 2 cycles) and 2.0–

4.6 V (rest of the cycles) from a Li2MnO3 electrode at 30
�C in coin-type cells. Cycle numbers are

indicated on the curves. The cycling mode was CC–CV, potentiostatic steps were 1 h at 4.7 V and

0.5 h at 4.6 V. The first 2 cycles were performed by applying the current density of i¼ 25 mA g�1.

For cycles 3–100 the current density was i¼ 20 mA g�1 and for the subsequent cycles

i¼ 10 mA g�1. Empty circles on the charge–discharge profiles of the first cycle indicate potentials,

at which electrochemical cells were terminated and Li2MnO3 electrodes studied for possible

structural transformations

Fig. 5.24 (a) Schematic representation of the Li2MnO3 crystallographic structures showing the

α-phase with randomly distributed cation sites in the Li-Mn layers, (b) the β-phase corresponding
to the case where the cations are ordered
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5.3.9 Li-Rich Layered Compounds (LNMC)

Novel Li-rich layered cathode materials, the “layered-rocksalt” Li

[LixNiyCoyMn1�x�y]O2 frameworks (LNMC) have received great attention because

of their ability to deliver capacities of 250 mAh g�1 when electrochemically

activated at 4.6 V [191–205]. Layered-rocksalt compounds can be regarded, in a

homogeneous phase approach, as a solid solution series between Li[Li1/3Mn2/3]O2

and LiNizCo1�zO2 [191] as shown by the phase diagram in Fig. 5.25 and on the

other hand it is regarded, in a two-phase approach as a kind of composite electrode

with nanoclusters of Li2MnO3 and Li(Ni,Co)O2 in localized regions [192]. Various

synthesis techniques used to fabricate high-capacity LNMC composite materials

include ion-exchange reaction [206], solid-state reaction of metal hydroxide with

calcination at 900 �C for 24 h [207], co-precipitation method [208], sol–gel method

[209], molten salt method [210], and template-free method [211].

Figure 5.26 compares the charge–discharge profiles of the Li-rich layered

compounds of composition Li1.134Ni0.3Mn0.566O2 and Li1.2Ni0.13Mn0.54Co0.13O2

synthesized by sol–gel method assisted by citric acid as chelating agent. Measure-

ments were carried out at C/10 rate in the potential range 4.8–2.0 V. The electro-

chemical curves exhibit two regions (I and II) during the first charge (separated by a

dashed line in Fig. 5.26). The region (I), below 4.6 V, corresponds to the oxidation

of the transition-metal cation (TM) to tetravalent state M4+, while the plateau

(region II) at around 4.6 V corresponds to an oxidation of O2� ions and the

irreversible loss of oxygen from the lattice [212]. The oxygen loss leads to a

lowering of the oxidation states of the TM ions at the end of the first discharge,

which makes easier the reversibility of subsequent cycles. As reported by Wu and

Manthiram [213], the irreversible loss of oxygen from the LNMC framework can be

reduced by a substitution of small amount of Al3+ for Li+ or F� for O2�, which

Fig. 5.25 Ternary phase

diagram of the “layered-

rocksalt” Li[Li1/3Mn2/3]O2-

LiCoO2-LiNiO2 solid

solution systems
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lowers significantly the irreversible capacity loss (ICL). High capacity of

Li[Li(1�x)/3Mn(2�x)/3Nix/3Cox/3]O2 can be obtained by surface modification with

Al2O3. For instance, surface modified Li[Li0.2Ni0.13Mn0.54Co0.13]O2 shows a

remarkably high capacity of 285 mAh g�1 with an ICL of 41 mAh g�1 and good

rate capability [213]. Mechanisms associated with the plateau observed at high

voltage for the overlithiated Li1.12(Ni0.425Mn0.425Co0.15)0.88O2 system have been

discussed by Tran et al. [214].

Li(Li0.17Ni0.2Co0.05Mn0.58)O2 particles synthesized by a spray-drying method

were modified subsequently with CeO2 nanoparticles, which results in smaller

surface charge transfer resistance and larger discharge capacity [195]. Fluorine

doping in Li2MnO3
LiMO2 can create polaron states in the Li2MnO3 lattice with a

migration energy barrier about 0.27 eV. The polaron state is strongly trapped by

fluorine atom, which decreases the efficiency of the doping effect to enhance the

electronic conductivity [196]. Novel Li1.2Mn0.5Co0.25Ni0.05O2 microcube prepared

through a simple binary template method with calcination at 800 �C [205] provid-

ing high reversible discharge capacities of 208 mAh g�1 at a current density of

200 mA g�1. In general, owning to oxygen extraction at the first cycle and

insulation phase of Li2MnO3, the pristine Li-rich layered cathode materials expe-

rience high irreversible capacity loss at the first cycle, accompanied with gradual

capacity fade and poor rate capability during cycling [196]. The surface modifica-

tion [215], acid treatment [216], doping [217] as well as blending with other

cathode materials [218] have been found to alleviate the irreversible capacity loss

at the first cycle. In particular, the irreversible capacity loss at the first cycle was

eliminated by blending with other lithium insertion hosts, such as Li4Mn5O12,

LiV3O8, V2O5 [219].

Fig. 5.26 Charge–discharge curves of Li-rich layered-rocksalt composite electrodes. (a)
Li1.134Ni0.3Mn0.566O2 and (b) 5 % LiF-coated Li1.2Ni0.13Mn0.54Co0.13O2. Measurements were

carried out in the galvanostatic mode at C/12 rate in the potential range 2.0–4.8 V
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5.3.10 Other Layered Compounds

5.3.10.1 Mn-Based Oxides

The difficulties met with LiMn2O4 spinel have also motivated the investigation of

several non-spinel manganese oxides [220]. Although LiMnO2 obtained by con-

ventional synthesis procedures adopts an orthorhombic rock-salt structure (Pmmn
S.G.), in which the oxygen array is distorted from the ideal cubic close packing

[221], layered (monoclinic) LiMnO2 isostructural with the layered LiCoO2

(O3 structure) can be obtained by an ion-exchange of NaMnO2 [222] or by a partial

substitution of Mn by Cr or Al [223]. Unfortunately, both the orthorhombic and the

monoclinic LiMnO2 with a close-packed oxygen array tend to transform to spinel-

like phase that is completed within a few charge–discharge cycles [224]. In this

regard, Na0.5MnO2—designated as Na0.44MnO2 in the literature—adopting a non-

close-packed tunnel structure has drawn some attention as it does not transform to

spinel-like phases and shows extraordinary structural stability to temperatures as

high as 300 �C [225, 226]

However, only a small amount of lithium could be extracted from the

ion-exchanged sample Na0.5�xLixMnO2 although additional lithium could be

inserted into Na0.5�xLixMnO2. Therefore, it is not attractive for lithium-ion cells

fabricated with carbon anodes. Nevertheless, it has been shown to be a promising

candidate for lithium polymer batteries employing metallic lithium anode

[225]. Additionally, amorphous manganese oxides have been shown to exhibit

high capacity (300 mAh g�1) with good cyclability [227]. However, the capacity

occurs over a wide voltage range extending from 4.3 to 1.5 V with a continuously

sloping discharge profile and not much lithium could be extracted from the initial

material. Therefore these amorphous oxides are not attractive for lithium-ion cells

fabricated with carbon anodes. However, they may become viable with the devel-

opment of new lithium-containing counter-electrodes.

5.3.10.2 Chromium Oxides

LiCrO2 also crystallizes in the O3 structure of LiCoO2. Although one would expect

Li1�xCrO2 to exhibit good structural stability due to the strong preference of Cr3+

ions for octahedral sites, it is difficult to extract lithium from LiCrO2. However, a

number of chromium oxides such as Cr2O5, Cr6O15, and Cr3O8 having a Cr

oxidation state of 	5+ show high capacities and energy densities as high as

1200 mWh g�1 above a cutoff voltage of 2 V [228]. Also, amorphous Cr3O8 has

been found to show high energy density with good rechargeability [229]. However,

the synthesis of these oxides generally requires decomposition of CrO3 in an

autoclave or under high oxygen pressure and the products are often contaminated

with non decomposed CrO3. Additionally, amorphous CrO2�δ(0�δ�0.5) synthe-

sized under ambient conditions by a reduction of potassium chromate solution with
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borohydride followed by heat treatment at moderate temperatures have been shown

to exhibit >150 mAh g�1 capacity [230]. However, the absence of lithium in these

materials makes them unsuitable to be employed with carbon anodes in lithium-ion

cells.

5.3.10.3 Iron-Based Oxides

Iron oxides offer significant advantages compared to other 3d-transition-metal

oxides from both cost and toxicity points of view. Although LiFeO2 obtained by

conventional procedures adopts the cubic structure (Fm3m S.G.), the O3-type

layered α-LiFeO2 can be obtained by following the same procedure as in the case

of LiMnO2, i.e., by ion-exchange reactions of NaMO2. Unfortunately, the layered

LiFeO2 does not exhibit good electrochemical properties as the high spin Fe3+:3d5

ion having no particular preference for octahedral coordination tends to migrate to

the lithium planes via the neighboring tetrahedral sites [231]. The cubic phase

synthesized via solid state reaction exhibits well-formed crystallites of 0.55 μm
size. Magnetic measurements have evidenced that α-LiFeO2 exhibits deviation

from the Curie–Weiss law with μeff<< 5.9 μB at room temperature. The cationic

disorder seems to affect the magnetic properties. This compound is expected to

belong to the class of Fe-diluted magnetic semiconductors regarding its magnetic

properties. Electrochemical texts show severe structural changes that occurred

during the first charge–discharge process of the cells. The structural transformation

from α-LiFeO2 to LiFe5O8 spinel phase has been evidenced by ex situ X-ray

diffraction and Raman spectroscopy [231].

5.4 Concluding Remarks

Numerous efforts are done to replace the lithium-cobalt oxide used in the first

generation of commercial lithium-ion batteries by materials with low cost and

environmental concerns. The development of new materials needs new synthesis

procedure such as sol–gel processing, ion-exchange reaction, and hydrothermal

reaction. The chemical and structural stabilities of the transition-metal oxide

electrodes have been compared by studying bulk samples. In this respect, the

various physicochemical techniques are welcome to design the best structure.

Synthesis of amorphous compounds could help the knowledge of microstructures

in this regard.

The search for layered materials that exhibit superior cycling performance has

led to the study of transition-metal- and cation-substituted materials of the series

LiMO2 with M¼ (Ni, Co), (Ni, Co, Al), (Ni, Mn, Co) and composite materials.

Doping was successful in many cases such as LiNiO2, LiCoO2, and LiMnO2. The

LiCo1�yMyO2 system showing relatively better chemical stability can replace the

conventional LiCoO2 with respect to oxygen loss. New systems such as
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LiNi0.5Mn0.5O2 and LiNi0.33Mn0.33Co0.33O4 show interesting electrochemical fea-

tures but need better control of their crystal chemistry. Frameworks built with

layered-rocksalt solid solution are very promising materials but the irreversible

capacity loss must controlled by anionic substitution or surface modification. Some

progress has been recently done with carbon-coating or aluminum doping. In view

of maximizing the cell voltage and energy density, transition metal oxide hosts have

emerged as the choice for cathodes [232–235]. The electrode properties of some of

the 3d transition-metal oxides are summarized in Table 5.1. However, only 70 % of

the theoretical capacity is currently delivered by the layered LiMO2 oxides. The

high capacity delivered by the xLi2MnO3
(1�x)LiMO2 cathodes (>250 mAh g�1)

has been attributed to the electrochemical activation of the Li2MnO3 component

within the crystal lattice but the studies of structural instabilities such as phase

separation of Li2MnO3 should be clarified.

The future challenge is to develop cathodes with simple transition-metal layered

oxides in which at least one lithium ion per transition-metal ion could be reversibly

extracted/inserted while keeping the materials cost and toxicity low; such a cathode

can nearly double the energy density compared to the present level. There are also

possibilities to increase the capacity of cathode hosts perhaps by focusing on

nanosized powders and amorphous materials. From a safety, cycle and shelf life

points of view, such cathodes with a voltage lower than 4.5 V, but with a signif-

icantly increased capacity are desirable for future applications.

Table 5.1 Comparison of the electrode characteristics of some 3d transition-metal layered oxides

Compound

First discharge

capacity (mAh g�1)

Average

voltage

(V vs. Li)

Li

uptake

Energy

density

(Wh kg�1)

LixV2O5 420 2.25 3.0 923

Li1+xV3O8 308 2.50 4.0 770

LixMoO3 250 2.30 1.5 575

Li1�xCoO2 140 3.70 0.5 520

Li1�xNiO2 160 3.80 0.5 530

Li1�xNi0.70Co0.30O2 180 3.75 0.6 675

Li1�xNi0.80Co0.15Al0.05O2 120 3.60 0.8 400

Li1�xNi1/3Mn1/3Co1/3O2 170 3.30 1.0 560

Li1.2Ni0.2Mn0.6O2 178 3.50 1.0 623

Li1.17Mn0.33Co0.5O2 254 3.50 1.0 889

Li1.17Ni0.125Mn0.33Co0.375O2 265 3.50 1.0 927
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Chapter 6

Cathode Materials with Monoatomic Ions
in a Three-Dimensional Framework

6.1 Introduction

Cathodes materials for lithium batteries with a three-dimensional (3D) structure

have been the subject of intense researches for a number of years. 3D materials are

binary transition-metal oxides (TMOs) and lithiated TMOs. Historically, manga-

nese oxide was used in primary lithium batteries introduced in the market by Sanyo

in 1975 as low-power supplies for watches [1]. Further developments were directed

toward the cyclability of electrolytic manganese dioxide (EMD) in secondary Li

batteries [2]. In the early 1980s several groups at University of Münster, Germany,

at University of Oxford, UK, and at Bell Laboratories, NJ, USA have intensively

studied the insertion of Li+ ions intoMOn oxides including MoO3 and its derivatives

such as the Magneli phase Mo8O23, V2O5 formed by shearing ReO3-type chains and

related compounds V6O13 and LiV3O8, WO3 and TiO2 [3–5]. The next step was the

discovery of the properties of mixed ionic-electronic conduction in lithiated man-

ganese oxide spinels as cathode materials for secondary batteries [6]. Table 6.1

documents the industrial efforts for developing rechargeable lithium batteries using

TM oxides as positive electrode, Li metal as anode and a solution of LiClO4 in

propylene carbonate as a nonaqueous electrolyte.

Li-Mn-O electrodes are attractive materials due to their noticeable advantages

such as low toxicity, low cost, environmentally benign, higher thermal stability than

LiCoO2. The cost of manganese is less than 1 % of that of cobalt and it is less toxic.

For example, in the charge state, LixMn2O4 shows a low reactivity with an onset

temperature over 220 �C and low heat release [7, 8]. Also, the wide abundance on

the Earth makes manganese as a very attractive transition-metal. However, man-

ganese oxides display relatively low specific capacity.

Let us consider the change of the structural properties of Li-Mn oxides with the

different oxidation states of Mn. The change of size of Mn ions at octahedral sites in

a close-packed oxygen (CPO) array (MnO6) during the electrochemical reaction

must be considered because enlargement of ions can destroyed the lattice. As a
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general rule of the solid-state chemistry, the octahedral coordination in the CPO

array is realized for the ratio of ion radii of Mn and O in the range 0.4–0.7.

Figure 6.1 presents the changes in ionic radii of Mnn+ ions for coordination number

CN¼ 6, where LS and HS denote the low and high spin states [9]. As shown

in Fig. 6.1, the ionic radii of Mn ions located in octahedral sites are in the range

53–83 pm compared with 140 pm for O2� ion, thus the ratios r(Mnn+)/r(O2�) are
satisfied. As a consequence, the ionic radii of Mn ions in tetravalent and trivalent

states suggest that Mn4+ can accept electrons forming Mn3+ without destruction of

octahedral coordination that allows the redox reaction upon Li insertion/extraction

process. Ohzuku [10] has discussed the Li+-ion motion in solid frameworks in

which the transition-metal ions must be immobile at octahedral sites when the

Mn-O covalency forming (MnO6)
8�/9� units is strong enough and Li-O bonding

are considered to be more ionic. For instance, a necessary condition of stability of

the structure of manganese dioxides is that vacant sites in □MnO2 (where □ is a

crystallographic empty site) should be linked as 3D tunnels or channels to accom-

modate Li+-ions motion.

The purpose of this chapter is to summarize the current status of materials with

3D-tunnel structure that have a cubic-close packed (ccp) array. These materials

belong to the class of 3- and 4-V cathodes. Non-lithiated □MxOy and lithiated

LiMxOy lattices are considered. The first group includes the different polymorphs of

MnO2, V6O13, WO3, and its derivatives, while the second class includes LiMnO2,

Li0.33MnO2, LiMn2O4 spinel, and its derivatives.

Table 6.1 Rechargeable lithium metal batteries using TM oxides as positive electrodes

Battery Potential (V) Specific energy (Wh kg�1) Company/year

Li//V2O5 1.5 10 Toshiba 1989

Li//CDMOa 3.0 – Sanyo 1989

Li//Li0.33MnO2 3.0 50 Taridan 1989

Li//VOx 3.2 200 Hydro-Québec 1990

C//LiMn2O4 4.0 400 Duracell 1999
aComposite dimensional manganese dioxide

Fig. 6.1 Ionic radii of Mnn+

ions for CN¼ 6. LS and HS

denote the low and high spin

states. The enlargement in

percent between two redox

species and the spin S are

also given

164 6 Cathode Materials with Monoatomic Ions in a Three-Dimensional Framework



6.2 Manganese Dioxides

Manganese dioxide, MnO2, (MDO) is a widely used as material in primary elec-

trochemical cells. It is the positive electrode of the zinc-MnO2 cell, invented in

1866 by the French engineer Georges-Lionel Leclanché [11]. Li-MnO2 battery was

developed by Sanyo in 1975 [12] as low-power supplies for watches, calculators

and memory backups. The poor cyclability of MDOs observed at that time [13] has

been improved by preparing composite dimensional manganese oxides (CDMOs)

for the development of flat-type secondary batteries. Table 6.2 lists the chemical

formula of selected Li-Mn-O compounds used in Li batteries.

6.2.1 MnO2

Manganese oxides with tunnel and layered crystal structures constitute a large

family of porous materials [14]. Manganese dioxide can exist in different crystal

structures, including α-, β-, γ-, ε-, η-, δ-, and λ-MnO2, etc., where the basic

structural unit [MnO6] is linked in different manners [15–17]. Most of the frame-

works are built by MnO6 octahedral units shared by corners and/or edges, which

define structural voids for cation insertion. According to different octahedron links,

the MnO2 structures can be divided into three categories: the chain-like tunnel

structure such as α-, β-, and γ-crystalline form; the sheet-like or layered structure

such as δ-type MnO2; and the third category that is composed of three-dimensional

structures such as λ-MnO2. The different crystalline structures of manganese

dioxide exhibit different properties and life cycles [18, 19]. In addition to the

crystal structure, the size and morphologies of MnO2 particles also play a key

role in determining the properties for practical applications. In this regard, many

efforts have been made to prepare nanocrystalline MnO2 with different structures

Table 6.2 Designation and chemical formula of various Li-Mn-O compounds

Designation Compound Formula

Birnessite MnO1.86
0.6H2O [Mn4+]0.84[Mn2+]0.16O1.84
0.6H2O

Na-birnessite Na0.32MnO2
0.6H2O Na0.32[Mn4+]0.68[Mn3+]0.32O2
0.6H2O

Li-birnessite Li0.32MnO2
0.6H2O Li0.32[Mn4+]0.68[Mn3+]0.32O2
0.6H2O

Co-birnessite Mn0.85Co0.15O2
0.6H2O [Co3+]0.15[Mn4+]0.72[Mn2+]0.13O1.80
0.6H2O

Spinel λ-LiMn2O4 Li[Mn4+Mn3+]O4

NMD Romanechite (R)2Mn5O10
xH2O

EMD γ-MnO2 MnO2
0.16H2O

CDMO MnO2-based composite γ-β-MnO2 +Li2MnO3

m-LMO LiMnO2 Monoclinic phase Li[Mn3+]O2

LT-LMO Li0.52MnO2 Spinel-contained phase

HT-LMO Li0.52MnO2 Layered phase
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and shapes. Up to now, various nanostructures of MnO2, such as nanoparticles,

nanorods, belts, wires, tubes, fibers, urchins/orchids, mesoporous and branched

structures, have been synthesized by different methods [18].

The excellent electrochemical properties of several MnO2 phases are attracting

attention for positive electrodes in lithium batteries [20–23]. There is a wide variety

of battery-grade MDOs, whose structures have been extensively investigated

[24]. Among the MDOs, most attention has been focused on synthetic products

prepared by either electrolytic (EMD) or chemical (CMD) method that belong to

the nsutite (γ-MnO2) group [25]. The electrochemical behavior of EMD compounds

has been investigated by Ohzuku et al. [26]. Besides the γ-MnO2 form, particular

attention has been paid to other stoichiometric compounds. As an example, the

sodium-free birnessite, MnO1.85–0.6H2O, displays a layered structure with larger

interlayer distance and trigonal prismatic sites favorable for easy lithium insertion

[27]. The manganese dioxides can be classified according the nature of the poly-

merization of MnO6 units and the number of MnO6 octahedral chains between two

basal layers to form tunnel (Tm,n) openings. The T1,n group includes two chemically

pure forms, the pyrolusite β-MnO2 (T1,1) and the ramsdellite R-MnO2 (T1,2). The

Tm,1 group includes the layered phyllomanganates such as birnessite, buserite, and

rancieite. Figure 6.2 shows the schematic structure of various MnO2 polymorph

showing the variation in the chain and tunnel (m� n) structures [28].
The discharge curves of different forms of manganese dioxide such as single-

phase α-MnO2, β-MnO2, R-MnO2, and the stabilized phase α/β-MnO2 are shown in

Fig. 6.3. These data show that the stabilized two-phase α/β-MnO2 sample delivers

higher discharge capacity than the single-phase α-MnO2. Furthermore ramsdellite

R-MnO2 and pyrolusite β-MnO2 display the highest discharge capacities. These

materials present flat discharge curves while hollandite structure shows an S-shaped

discharge curve. On the initial discharge the stabilized α/β-MnO2 material delivers

a specific capacity 230 mAh g�1. This electrode shows good recharge ability with

capacity retention 150 mAh g�1 after 20 cycles. The initial capacity loss of 33 %

suggests that �0.3 mol of inserted lithium ions is used [27].

6.2.2 MnO2-Based Composites

Nohma et al. [29] have shown that, if MnO2 contained a small amount of lithium in

its crystal structure beforehand, the electrochemical reversibility would be

improved. Several composite dimensional manganese oxides (CDMOs) were pre-

pared by reacting LiOH with MnO2. The XRD patterns of the product prepared

from various Li/Mn atomic ratios are shown in Fig. 6.4.

From these results, the structural model of heat-treated LiOH
MnO2 precursor at

375 �C is considered to be a composite formed by the mixture of the Li2MnO3 and

γ-β-MnO2 phases. γ-β-MnO2 phases has one-dimensional channels while Li2MnO3
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Fig. 6.2 Schematic view of the tunnel structure of MnO2 polymorph (a) pyrolusite β-MnO2 (T1,1)

and (b) ramsdellite R-MnO2 (T1,2), hollandite α-MnO2 (T2,2) and (c) nsutite γ-MnO2 (intergrowth

T1,1 + T1,2)

Fig. 6.3 Discharge curves

of single-phase manganese

dioxides: α-MnO2, β-MnO2,

R-MnO2, and the stabilized

phase α/β-MnO2
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is a layered compound, namely Li[Li1/3Mn2/3]O2 (Fig. 6.5). As a result, the CDMO

prepared at 375 �C with a Li/(Li +Mn)¼ 0.3 yielded the largest discharge capacity

200 mAh g�1 for electrode cycled in the potential range 3.6–2.0 V at current density

1.1 mA cm�2 [30].

6.2.3 MnO2 Nanorods

Nano-sized MnO2 samples with the shape of nanorod were prepared by hydrother-

mal reaction between ammonium persulfate and Mn(II) salts [31]. XRD

measurements revealed the α-MnO2 phase for the sample prepared from manganese

sulfate and the β-MnO2 structure for the sample prepared from manganese nitrate

Fig. 6.4 X-ray diffraction

patterns of CDMO at

several Li/Mn atomic ratios.

The LiOH
MnO2 precursor

was heated at 375 �C

Fig. 6.5 Schematic view of the CDMO structure formed by the composite of γ-β-MnO2 and

Li2MnO3
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(Fig. 6.6). TGA analysis has confirmed the MnO2 structure for both samples

showing three weight losses without thermal stabilization due to the absence of

K+ ions in the tunnels. It seems that the difference in the nature and size of tunnels

between α-MnO2 (T2,2) and β-MnO2 (T1,1) affect the specific capacity. Nanorods

structures exhibit good electrochemical performance, evidenced by cyclic

voltammetry (Fig. 6.7). There is a structural evolution after the first cycle. This

can be observed clearly from the reduction in the potential polarization after the first

cycle and also the reduction in capacity fading. Shao-Horn et al. [32] have demon-

strated that crystals with a small aspect ratio have a large electrochemically active

surface because of the large exposed T2,2-type tunnel cross-sectional area per unit

Fig. 6.6 (a) XRD patterns of α-MnO2 and β-MnO2 nanorods prepared through redox reaction

between (NH4)2S2O8 and MnSO4·4H2O, and through redox reaction between (NH4)2S2O8 and Mn

(NO3)2·4H2O, respectively (b) TEM images of α-MnO2 nanorods. Values of diameter and length

of nanorods are in nanometer

Fig. 6.7 Cyclic voltamograms of (a) α-MnO2 and (b) β-MnO2. Data were recorded in lithium

cells using a scan rate 0.05 V s�1 in the voltage range 1.5–4.0 V vs. Li0/Li+. Redox potentials are

indicated in volt
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volume available for lithium insertion. β-MnO2 nanorods yield a specific discharge

capacity of 180 and 130 mAh g�1 in the first and 45th cycle respectively, while

α-MnO2 nanorods deliver 210 mAh g�1 at first cycle that decreases to 115 mAh g�1

in the 45th cycle.

The electrochemical behavior of β-MnO2 may be attributed to the nature of

nanorods of this sample, which alleviates the stress and provides flexibility for

lithium insertion/extraction in/from 1� 1 tunnels [33]. The capacity loss observed

after the first cycle is attributed to the small amount of lithium ions inserted in the

MnO2 electrode that cannot be easily removed from the structure. The second

reason for this degradation in the capacity upon cycling may be related to signif-

icant amount of Mn2+ ions formed at the end of discharge. The Mn2+ ions can be

dissolved into the electrolyte causing significant increase in the capacity fading of

lithium manganese oxides [34].

6.2.4 Birnessite

One class of MDO polymorphs crystallizes in a layered structure (monoclinic,

C/2m S.G.), namely birnessite (δ-MnO2) or phylomanganates [27, 35]. The

birnessite-type manganese oxides are found in nature (soils, ore deposits, marine

nodules, etc.) and produced synthetically (hydrothermal, sol–gel, etc.). The lamel-

lar framework is built of edge-sharing MnO6 octahedra with water molecules and/or

metal cations occupying the interlayer region as shown in Fig. 6.8 [36].

Depending on the synthesis route, a combination of Mn(IV)/Mn(III) or Mn(IV)/

Mn(II) is found in birnessite (BR). For example, the mean oxidation state of

manganese in sol–gel materials and classical BR (prepared from Stähli’s method)

varies in the range 3.6< ZMn< 3.8. In the case of sol–gel birnessite (SG-BR) and

Co-doped sol–gel birnessite (SGCo-BR) [37], we have a mixture of Mn(IV) and Mn

Fig. 6.8 Layered structure of sodium birnessite. (a) The interlayer distance d¼ 7.1 Å corresponds

to two consecutive superposable MnO6 octahedral sheets. The trigonal prismatic sites are occupied

by sodium ions. (b) Layered structure of alkali-free birnessite. The interlayer distance d¼ 7.25 Å
corresponds to two consecutive non-superposable MnO6 octahedral sheets. The interlayer space

defines trigonal antiprismatic and trigonal pyramidal sites
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(II) while a combination of Mn(IV) and Mn(III) is found for the classical

birnessites. These phases have a hexagonal or monoclinic symmetry. One of them

is like the layered CdI2-type structure and consists in single sheets of edge-sharing

[MnO6] octahedra and water molecules between layers and Mn2+ or Mn3+ located

between the water layer and oxygen of the [MnO6] slab in order to counterbalance

the charge defects in MnO6 sheets. The sequence along the c axis is:

O�MnIV � O�MnIII þð Þor II *ð Þ � H2O�MnIII þð Þor II *ð Þ � O�MnIV � O; ð6:1Þ

where (+) denotes classical BR and (*) SG-BR compounds. The orthogonal dis-

tance between two consecutive slabs of [MnO6] is around 7 Å. In the case of SGCo-
BR, we have previously shown that Co3+ ions are incorporated into the MnO6

sheets as Co3+ is substituting for Mn ions [38] (see chemical formula in Table 6.1).

The maximum Li uptake in SG-BR x(Li)¼ 0.85 is in good agreement with the

concentration of Mn4+ ions (the average valence of Mn ions is ZMn¼ 3.68), which

are reduced to Mn3+ during the intercalation reaction (discharge process) that

occurs with a significant contraction 7.5 % of the host lattice. Pereira-Ramos

et al. [39] reported that the faradaic yield recovered for SG-BRr is twofold greater

than that of BR. Such a result can be understood in terms of faster Li+-ion kinetics,

as its diffusion coefficient was estimated to be DLi*¼ 10�10–10�11 cm2 s�1. In the

potential range 4.2–2.0 V, the Li//SG-BR cells exhibit good cycling behavior with a

specific capacity of 150 mAh g�1 at the 50th cycle.

6.3 Lithiated Manganese Dioxides

The phase diagram of the Li-Mn-O system in air between 350 and 1060 �C
according to Paulsen and Dahn [40] is shown in Fig. 6.9. Lithium doped single-

phase spinels Li1+zMn2�zO4 (0� z� 0.33) are stable between 400 and 880 �C (with

an average Mn valence between 3.5 and 4). Above the upper critical temperature

line, Tc1, the spinel coexists with the monoclinic Li2MnO3, and below the lower

critical temperature line, Tc2, with Mn2O3 or MnO2. Most of the manganese oxides

are confronted with two major difficulties: (1) lattice distortions occurring during

the charge–discharge processes due to the presence of Jahn–Teller (JT) distortion

associated with the single electron in the eg orbitals of the Mn3+ cation [6] and

(2) manganese dissolution from the cathode framework into the electrolyte partic-

ularly at higher temperature and in the high voltage charge state due to the

disproportionation reactions of Mn3+ into Mn2+ and Mn4+ induced by acids gener-

ated by reactions of fluorinated anions with water impurities and by oxidation of

solvents [41].
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6.3.1 Li0.33MnO2

Lithiated LixMnO2 with x¼ 0.33 obtained by heat treatment of a mixture of LiOH-

MnO2 and LiNO3-MnO2 at low temperature, has been studied extensively as a 3-V

cathode material in liquid-electrolyte lithium batteries. This compound delivered a

rechargeable capacity of 180 mAh g�1 after 50 cycles with a flat potential of 2.9 V

vs. Li0/Li+ [42, 43]. Li0.33MnO2 crystallizes in the monoclinic structure (C2/m
S.G.). According to the structural considerations of Levi et al. [44] Li ions are

located in the octahedral sites of (1� 2) channels that produce weak bonding for the

lithium cations in the MnO2 lattice. Figure 6.10 shows the first discharge–charge

curves for the Li//Li0.33+xMnO2 cells in the voltage range 4.0–1.5 V vs. Li0/Li+ at a

current density 0.14 mA cm�2 [45]. Positive electrodes synthesized by solid state

reaction of CMD and Li salt were tested at 25 and 50 �C showing a faradaic yield

0.62Li/Mn achieved upon discharge, which leads to a specific capacity of

194 mAh g�1. For the first discharge–charge process, the voltage profile occurs

with an S-shape that indicates the formation of a single-phase Li0.33+xMnO2. Since

the reduction process of Li0.33MnO2 is reversible, the construction of rechargeable

cells is possible. Satisfactory charge–discharge efficiency and storage capability

are other favorable features of this cell. Upon lithiation of Li0.33+xMnO2, the

electronic conductivity increases slightly from 1� 10�4 S cm�1 for x¼ 0 to

ca. 5� 10�3 S cm�1 for x¼ 0.55.

400

600

800

1000

-0.1 0.0 0.1 0.2 0.3 0.4 0.5 0.6

T
em

pe
ra

tu
re

 (
°C

)

Li/(Li+Mn)

880°C

960°C

430°C

L
iM

n 2
O

4

cubic spinel
Li1+xMn2-xO4

0<x<1/3
3.5<n<4

L
iM

nO
2

L
iM

n 2
O

4

L
i 2

M
nO

3

L
i 4
M

n
5O

12

L
i 0

.3
3M

nO
2

M
nO

2
M

n
2O

3
M

n 3
O

4

β-MnO2

LixMn3-xO4 spinel

tetragonal spinel
Li1-xMn2+xO4

n<3.5

γ-Li0.33MnO2

Li4Mn5O12

n=4
LiMn1.75O4

880°C

Fig. 6.9 Phase diagram of the Li-Mn-O system in air between 350 and 1060 �C

172 6 Cathode Materials with Monoatomic Ions in a Three-Dimensional Framework



6.3.2 Li0.44MnO2

Lithium manganese oxide, Li0.44MnO2, has been extensively investigated as a

positive electrode material for secondary lithium batteries [46–49]. This compound

can be prepared by a soft-chemical method using the corresponding sodium man-

ganese oxide as the parent compound. Li0.44MnO2 crystallizes in the orthorhombic

structure (Pbam S.G.) that maintains the parent Na0.44MnO2-type tunnel structure

[47]. It consists of double and triple rutile-type chains of edge-sharing MnO6

octahedra and a single chain of edge-sharing MnO5 producing a framework

containing large and small tunnels along the c-axis direction, with three lattice

sies of Li ions located in the tunnels. The Li0.44MnO2 lattice differs from that of the

well-known rocksalt-related lithium manganese oxides such as spinel-type

LiMn2O4 and layered LiMnO2. The electrochemical measurements for the

Li//Li0.44MnO2 cell showed a novel high potential plateau region at around 4.3 V

on both charge and discharge with an average discharge voltage of 3.57 V, and an

initial discharge capacity of 166 mAh g�1 between 2.5 and 4.8 V. The tunnel

structure can reversibly intercalate up to 0.55–0.6 Li/Mn at moderate current

densities, corresponding to capacities of 160–180 mAh g�1. The 4-V plateau was

observed in all the Li//Li0.44Mn1�yTiyO2 (0< y< 0.55) cells with different Ti

contents [49, 50]. The maximum discharge capacity (179 mAh g�1) was observed

in the Li//Li0.44Mn0.89Ti0.11O2 cell. Li/PEO/Na0.2LixMnO2 cells were cycled at

0.1 mA cm�2, with excellent capacity retention [46].

6.3.3 LiMnO2

The difficulties met with the LiMn2O4 spinel that are reported in the next section

have also motivated the investigation of several non-spinel manganese oxides

[16].LiMnO2 is known to exist in several phases. Two of them are the high
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temperature orthorhombic (hereafter referred to as o-LiMnO2) form and the

monoclinic (hereafter referred to as m-LiMnO2) form; both of them involve

distorted oxygen arrays from the ideal cubic close packing [51]. The third form

is the tetragonal λ-Li2Mn2O4 phase. The o-LiMnO2 (Pmnm S.G.) material that

has the advantages of being easy to prepare and air stable, exhibits a high

gravimetric capacity (286 mAh g�1) and high potential against lithium. Ohzuku

et al. [52] have prepared a low temperature o-LiMnO2 form by reacting

γ-MnOOH and LiOH at 450 �C, while a very low temperature (100 �C) was

used by ion exchange [53]. Gummow et al. [51] investigated o-LiMnO2 obtained

at moderate (~600 �C) temperature from γ-MnO2 and LiOH in argon with carbon

as a reducing agent. Synthesis by hydrothermal route [54] and quenching method

[55] have also been reported. Liu et al. [56] prepared o-LiMnO2 nanorods by

hydrothermal conversion of MnOOH needles. At C/20 discharge rate, two volt-

age plateaus appeared at 4.0 and 2.9 V, which can be ascribed to the phase

transition during the cycling from o-LiMnO2 to spinel phase [51]. Cyclic

voltammetry reveals the reactions occurring during the transformation of

o-LiMnO2 to the spinel LiMn2O4 phase [55]. The m-LiMnO2 phase (C2/m
S.G.) with the same layered structure as LiCoO2 was considered very difficult

to obtain. The lithium content of the synthesized material can vary from x¼ 0 to

1 in LiMnO2, depending on the synthesis approach used [57, 58]. Capitaine

et al. [58] prepared this phase by chimie douce reaction from α-NaMnO2 precur-

sor via Li/Na exchange. For the O2 structure, the monoclinic unit cell parameters

are a¼ 5.439(3) Å, b¼ 2.809(2) Å, c¼ 5.395(4) Å and β¼ 115.9(4) Å. Layered
LiMnO2 suffers from structural instability during electrochemical cycling and as

a result, exhibits significant capacity fade [16]. The transformation to spinel-like

phases for the Li0.5MnO2 composition is due to a migration of the Mn ions from

the Mn plane to the Li plane. Substantial efforts have been made to stabilize

the layered structure by substituting Mn with cation dopants, such as Al and Co

[59–61]. The tetragonal phase (I41/amd S.G.) is obtained by electrochemical or

chemical lithiation of the λ-LiMn2O4 spinel. LiMnO2 rechargeable AA-type

batteries have been developed at Taridan (Israel). The insertion reaction LiMn3
O6 þ 2LiÆ3LiMnO2 was suggested that delivered an average voltage 2.8 V.

Typical cycle life a fast charging (250 mA, C/2–C/3 rate) demonstrated at least

150 cycles at about 100 % DOD. The high cycle life obtained in these cells is

attributed to the very smooth morphology of Li deposition in 1,3-dioxolane-

LiAsF6 solutions [62]. Unfortunately, both o- and m-LiMnO2 with a close-packed

oxygen array tend to transform irreversibly to spinel-like structures upon elec-

trochemical cycling. This is consistent with the appearance of two plateaus at

�4.0 and �2.9 V vs. Li0/Li+, as the parent space groups Pmnm and C2/m are

subgroups of the Fd3m spinel. Figure 6.11 is a schematic representation of the

structural transformation from o- and m-LiMnO2 to spinel upon electrochemical

cycling.
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6.3.4 LixNa0.5�xMnO2

Na0.5MnO2 (designated as Na0.44MnO2 in the literature) adopting a non-close-

packed tunnel structure has drawn some attention for Li insertion host as it does

not transform to spinel-like phases and it shows extraordinary structural stability up

to temperatures as high as 300 �C [48, 63, 64]. The structure consists ofMnO5 square

pyramids and MnO6 octahedra that are connected together by sharing edges and

corners. However, only a small amount of lithium could be extracted from the

ion-exchanged sample LixNa0.5�xMnO2 although additional lithium could be

inserted into LixNa0.5�xMnO2. Therefore, it is not attractive for lithium-ion cells

fabricated with carbon anodes. Nevertheless, it has been shown to be a promising

candidate for lithiumpolymer batteries employingmetallic lithiumanode [63].Addi-

tionally, amorphous manganese oxides deliver high capacity (300 mAh g�1) with

good cyclability [64]. However, the capacity occurs over a wide voltage range of 4.3

to 1.5 Vwith a continuously sloping discharge profile and not much lithium could be

extracted from the initial material. Therefore these amorphous oxides are not attrac-

tive for lithium-ion cells fabricated with carbon anodes. However, they may become

viable with the development of new lithium-containing anodes.

6.4 Lithium Manganese Spinels

6.4.1 LiMn2O4 (LMO)

Among the lithium manganates, which are known to ionically conduct, perhaps the

best studied is the lithium manganese oxide, LiMn2O4 as an intercalation com-

pound. LiMn2O4 (LMO) belongs to the class of 4-V intercalation hosts, and

Fig. 6.11 Schematic representation of the structural transformation from o- and m-LiMnO2 to

LiMn2O4 spinel upon electrochemical cycling. Fd3m is a klassengleiche (k-) subgroup of Fm3m
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crystallizes with a cubic spinel-like structure. The structural relationship between

the spinel Li[Mn2]O4 and the lithium deficient materials was described by Hunter

[21]. Its crystallographic structure possesses the symmetry Fd3m and has a general

structural formula (A)8a[B2]16dO4, where the B cations reside on the octahedral 16d
sites, the oxygen anions on the 32e sites, and the A cations occupy the tetrahedral 8a
sites. The approximately cubic close-packed (ccp) array of oxide ions incorporates

MnO6 octahedra sharing two opposing corners with LiO4 tetrahedra. The spinel

structure is primarily characterized by structural groups as follows. (1) MnO6

octahedra, connected to one another in three dimensions by edge sharing.

(2) LiO4 tetrahedra, sharing each of their four corners with a different MnO6 unit

but essentially isolated from one another. (3) A three-dimensional network of

octahedral (16c) and tetrahedral (primarily 8a) sites, lithium ions moving through

the (1� 1) channels of the spinel lattice [65]. The atomic arrangements of normal

(Fd3m S.G.) and ordered (P4132 S.G.) spinel lattices are illustrated in Fig. 6.12.

Early proposed to replace LiCoO2, LMO has several advantages; (1) lower cost

resulting from natural abundant manganese compared to Co and Ni, (2) lower

toxicity and (3) high cell voltage. However, LMO is confronted with two major

difficulties: (1) it is difficult to prepare samples of good quality, (2) although the

LMO spinel is expected not to undergo JT distortion in the 4-V domain,

the formation of tetragonal Li2Mn2O4 layer has been observed at the surface of

the LMO particles due to local conditions of discharge [66], (3) LiMn2O4 trans-

forms into a tetragonal phase upon lithium insertion of more than one Li per

Mn. Spectroscopic studies have confirmed that the cooperative JT effect from the

(Mn3+O6) octahedral is the mechanism for this transition. The capacity fade mech-

anism in this material concerns the large volume expansion associated with this

structural modification that is problematic as both cubic and tetragonal phases

coexist. As we show below, this coexistence is confirmed by the presence of a

voltage plateau at 3 V. Limiting the cycling to the 4 V plateau reduced but did not

Mn (16d)
O (32e)

Li (8a)

a

O (8c)

Mn (12d)
Ni (4b)

O (24e)

Li (8a)

b

Fig. 6.12 Schematic representation of the structure of AB2O4 spinel lattices. (a) the smallest

(primitive) cubic unit cell of normal spinel (Fd3m S.G.) and (b) the unit cell of the 1:3 ordered

spinel (P4132 S.G.). The structure is composed of alternating octants of AO4 tetrahedra and B4O4

cubes to build the fcc unit cell
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eliminate the structural distortion, while reducing the available theoretical capacity

to 140 mAh g�1.

Various techniques were used for the synthesis of LMO such as solid-state

reaction by heating at �800 �C a stoichiometric mixture of Li2CO3 and

EMD-MnO2 in air for 24 h [67], sol–gel [68], Pechini technique [69, 70], emulsion

dry method [71, 72], ultrasonic spray pyrolysis [73], precipitation method

[74]. LMO was prepared by various wet-chemical techniques such as sol–gel

method assisted by succinic acid as chelating agent [75]. LMO was also synthesized

by chemical insertion of threefold excess Li into γ-MnO2 followed by heat-

treatment in oxygen [76]. Among the nanostructured LMO materials, nanoparticles

were prepared by combustion method [77, 78], and by high-energy ball milling

method [79]. Mesoporous LMO spinels were synthesized by polymer template

method [80]; nanospheres LMO, 35 nm diameter, were prepared by ultrasonic

method using LiOH and nano-MnO2 [81]. Kim et al. [82] successfully fabricated

highly ordered mesoporous LMO nanospheres through a chemical reaction in

combination with ultrasonic waves. LMO nanorods, 300 nm diameter, were

obtained by hydrothermal method using β-MnO2 as precursor [83, 84]; LMO

nanowires have been shown to grow in the (220 direction [85]. Fluorination as a

means of changing the structure and electronic properties of oxides became an

established route to stabilize their structure. It was used in the quest for improved

high temperature storage and cycling of LMO spinels [86, 87]. Improvement of the

cycling performance of LMO was also realized by coating the surface of particles

by various oxides such as LiCoO2 [88], V2O5 [89], Al2O3 [90], SiO2 [91], MgO

[92], carried out through chemical processes, solution based techniques such as )

sol–gel transformation, solution precipitation, and micro-emulsion. Such a surface

modification avoids the formation of polymeric species occurring intensively at

high temperature (50–60 �C), which increase the electrode impedance and even

isolate electrically part of the active mass [93]. The electrochemical properties of

quaternary spinel solid-solution phases LiMyMn2-yO4 (M¼Co, Cr, Ni, Al, Ti, Ge,

Fe, Zn) were studied for different conditions of sample preparation and different

degrees of cation substitution [94, 95]. Several hundred papers reported the physical

properties of LiMn2O4 such as structural evolution on charging and discharging

[96], electrical conductivity driven by the small polaronic mechanism [97], lattice

dynamics [98, 99], magnetic properties [100, 101], electronic properties

[102]. Wang et al. [103] reported the effect of the annealing temperature on the

cubic lattice parameter of LiMn2O4 synthesized by a sol–gel precipitation method.

Figure 6.13 shows the charge–discharge curves at the first cycle of Li//LiMn2O4

cell, under galvanostatic conditions at 22 �C. The cell was charged and discharged

at current densities of 1 mA cm�2, while the voltage was monitored between 3.0

and 4.4 V. In this potential domain, the charge–discharge curves correspond to the

voltage profiles characteristic of the spinel material associated with lithium occu-

pancy of tetrahedral sites [104]. The variation of the potential for the complete cell

reveals the presence of two regions during the lithium insertion-extraction pro-

cesses. The first region (I) is characterized by an S-shaped voltage curve, whereas

the second region (II) corresponds to a plateau portion. In region I, the charge
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voltage increases continuously in the voltage range of 3.80–4.05 V. In region II, the

charge voltage is stable around 4.15 V. Furthermore, these results describe the

phase diagram of LixMn2O4 compounds against the lithium content.

The phase diagram of the LixMn2O4 (0� x� 2) system showing the plateaus

occurring in the 4- and 3-V domains is reported in Fig. 6.14. From the results shown

in Fig. 6.14, a two-phase system is recognized in the region II corresponding to the

upper voltage plateau, whereas the region I can be attributed to a single phase

characterized by an S-shaped voltage curve. The two regimes of intercalation are

clearly depicted when the derivative voltage,�dx/dV, is plotted vs. cell voltage. For
the Li//LixMn2O4 cell, the upper 4-V plateau that is the region available for cycling

provides a capacity over 120 mAh g�1 [105]. The lithium extraction/insertion from/

into the 8a tetrahedral sites occurs at around 4 V (Fig. 6.13) with the maintenance of

the initial cubic spinel symmetry, while the extraction/insertion from/into the 16c
octahedral sites occurs at around 3 V by a two-phase mechanism involving the

cubic spinel Li[Mn2]O4 and the tetragonal lithiated spinel Li2[Mn2]O4. Palacin

et al. [106] found two additional steps at 4.5 and 3.3 V, characteristics of double

hexagonal layers upon oxidation. Although they both involve the same Mn3+/4+

couple, the 1-V difference between the two processes is a reflection of the differ-

ences in the site energies [107]. A deep energy well for the 8a tetrahedral Li+ ions

and the high activation energy required for the Li+ ions to move from one 8a
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tetrahedral site to another via an energetically unfavorable neighboring 16c site lead
to a higher voltage of 4 V. The cubic to tetragonal transition when going from Li

[Mn2]O4 to Li2[Mn2]O4 is due to the Jahn–Teller (JT) distortion associated with the

single electron in the eg orbitals of a high spinMn3þ : 3d4 t32ge
1
g

 �
ion (Fig. 6.15). A

cooperative distortion of the MnO6 octahedra with long Mn-O bonds along the

c axis and short Mn-O bonds along the a and b axes results in a macroscopic

tetragonal symmetry for Li2[Mn2]O4 shown in Fig. 6.15.

Although two lithium ions per LiMn2O4 formula unit could be reversibly

extracted/inserted, the cubic to tetragonal transition is accompanied by a 16 %

increase in the c/a ratio of the unit cell parameters and 6.5 % increase in unit cell

volume. Let us recall that this change is too severe for the electrodes to maintain

structural integrity during the discharge/charge cycle and so LiMn2O4 exhibits

rapid capacity fade in the 3-V region. As a result, LiMn2O4 could be utilized only

in the 4-V region with a limited practical capacity of around 120 mAh g�1

(Fig. 6.13), which corresponds to an )extraction/insertion of 0.4 lithium per Mn

and compared well with the theoretical capacity of 140 mAh g�1 we have men-

tioned earlier. Unfortunately, even with a limited capacity, LiMn2O4 tends to

exhibit capacity fade in the 4-V region as well, particularly at elevated temperatures

(50 �C). Various reasons have been attributed to the capacity fade in the 4-V region.

For example, the dissolution of manganese into the electrolyte originating from a

disproportionation of Mn3+ into Mn4+ and Mn2+ [108] and the formation of

tetragonal Li2[Mn2]O4 on the surface of the particles under conditions of

non-equilibrium cycling [66] have been thought to be the source of )capacity

fade. In addition, the 4-V region involves the formation of two cubic phases and

that may also play a role in the capacity fade. The difficulties of lattice distortions in

LiMn2O4 spinel have motivated strategies to suppress JT distortion. One way to

suppress the JT distortion is to increase the average oxidation state of manganese

since Mn4þ : 3d3 t32ge
0
g

 �
does not undergo JT distortion. The oxidation state of

manganese can be increased either by aliovalent cationic substitutions or by

increasing the oxygen content in LiMn2O4+δ [109–112]. Additionally, cationic

substitutions with other transition metals M¼Cr, Co, Ni and Cu in LiMn2�yMyO4

have been pursued to improve the capacity retention of spinel manganese oxides

[113–116]. This strategy is linked to the fact that the substitution of some Mn
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t2 (dxy,dyz,dzx)

Δoct
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(dxy)
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Cubic TetragonalFree Mnn+ ion

Fig. 6.15 Illustration of the JT distortion in manganese oxides: (a) Mn4+:3d3 with cubic symmetry

(no JT distortion) and (b) Mn3+:3d4 with tetragonal symmetry (JT distortion)
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cations for another ion of valence� +3 (bulk doping) will keep the Mn oxidation

state above 3.5 during cycling over the 4-V plateau, thus reducing the )JT distortion

on discharge. In addition, surface doping can decrease the manganese dissolution

by reducing the apparent contact area with the electrolyte and inhibiting the surface

Jahn–Teller distortion. Many efforts have been made recently to synthesize doped

LMO. The numerous works on the preparation and doping modes (bulk, surface,

and combined doping) of doped LMO have been recently reviewed [117]; there-

fore, they are not reviewed here, and we simply redirect the reader to this paper for

the different doping elements and processes and a discussion on there effectiveness

to reduce the capacity fading of LMO. However, such a strategy leads to a decrease

in capacity in the 4-V region with a development of two plateaus for the extraction/

insertion of lithium from/into the 8a tetrahedral sites: one around 4 V corresponding

to the oxidation of Mn3+ to Mn4+ and the other around 5 V corresponding to the

oxidation of the other transition metal ions. Although an increase in the cell voltage

to 5 V is attractive from an energy density point of view, the LiMn2-yMyO4 oxides

are prone to suffer from oxygen loss from the lattice and safety concerns in the 5-V

region.

6.4.2 Surface Modified LMO

The dissolution of manganese in the electrolyte is of major concern [118]. The

reaction of LiMn2O4 with the electrolyte increases with the temperature, so that

LiMn2O4-based batteries need being maintained at room temperature. In this

context, the study of surface modifications of LMO is of primary importance to

protect the material against reactions with the electrolyte and avoid the dissolution

of Mn3+ in order to achieve two goals: (1) improve the calendar life and cycling life

to make it competitive with other cathode elements, in order to get rid of the

lamellar component in the cathode, (2) restore the thermal safety of the battery.

The most commonly used coating materials are metal oxides such as Al2O3, ZrO2,

ZnO, SiO2, and Bi2O3, which can successfully protect electrode from HT attack. A

review of developments in the surface modification of LiMn2O4 as cathode material

of power lithium-ion battery can be seen in ref. [119]. To explore the change in the

electrochemical properties of the spinel electrodes, electrochemical impedance

spectroscopy (EIS) was carried out for the pristine and coated material upon cycling

in the charged state for cells maintained at 55 �C. Nyquist plots derived from the

analyses of uncoated and ZrO2-coated LiMn2O4 are shown in Fig. 6.16a, b,

respectively. Each EIS spectrum consists of two semicircles and a slope. The first

semicircle in the high-to-medium frequency region is attributed to resistance of

surface film (Rsf) that covers the electrode particle. The semicircle at medium-to-

low frequency region is associated with the charge transfer resistance (Rct) coupled

with a double-layer capacitance. The slope at the low-frequency region is assigned

to lithium-ion diffusion in the bulk material. On the basis of this mechanism, the

equivalent circuit used for analysis is given as insert. Rw represents the electrolyte
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resistance, CPEdl is a constant phase element and Wz is the Warburg element

corresponding to the Li+ ion diffusion in the host material. After 50 cycles, the

increase of Rct of the uncoated material is due to the chemical evolution at the

electrode–electrolyte interface rather than Mn(II) migration. The impedance spec-

tra of ZrO2-coated LiMn2O4 clearly display the contribution of the low frequency

element due to the modified SEI layer, which reduces the Li+-ion transport through

the coating.

It has been reported that LMO particles coated with either borate glass Li2O–

2B2O3 (LBO) or with fluorine exhibit good high-temperature electrochemical

performance. LBO-coated LMO electrode via solution method has an excellent

cycling behavior (112 mAh g�1) without any capacity loss even after 30 cycles at

1C rate [120]. Fluoride is also used to coat LMO to improve its cyclability because

it is very stable even in HF. Lee et al. [121] reported that the BiOF-coated spinel

electrode had excellent capacity retention at 55 �C, maintaining its initial discharge

capacity of 96 % after 100 cycles against 84 % for the pristine material because the

oxyfluoride layer provides a strong protection against HF attack and scavenges HF.

6.4.3 Defect Spinels

The technological interest of the defect spinels Li1�δMn2�δO4 as positive elec-

trodes comes from their ability to reversibly intercalate/deintercalate lithium.

Considering the Li-Mn-O phase diagram (Fig. 6.17), the area that falls within the

MnO2-LiMn2O4-Li4Mn5O12 tie triangle constitutes a region of defect spinel com-

positions. The defective Li1�δMn2�δO4 manganospinels, which contain vacancies

at both tetrahedral and octahedral manganese sites can lead to high capacity
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(>230 mAh g�1). Such compounds also have a Li/Mn ratio of 0.5 and have

an average Mn+ valence state varying from 3.5 to 4 (depending on the value of δ)
[16, 122]. For a value of δ¼ 0.11, this compound, Li2Mn4O9, is a nonstoichiometric

form with Mn+ oxidation state of 4.0. The higher is the value of δ, the lower is the
capacity at 4 V, the smaller is the lattice parameter, and the better is the cyclability

in the 3-V region. It was then speculated that the oxygen-rich lithium

manganospinels can deliver high steady capacities in excess of 150 mAh g�1

(Fig. 6.17).

Defect spinel with the formula Li0.50MnO2.25 (Li2Mn4O9) and Li0.51MnO2.20

were synthesized by sol–gel method via the citrate route. The structure analysis

yielded powders of cubic structure (Fd3m S.G.) with lattice parameters a¼ 8.193 Å
´

for Li0.52MnO2.1 and a¼ 8.162 Å
´
for Li2Mn4O9 that can be compared with that of

stoichiometric LiMn2O4 (a¼ 8.248 Å) and that of Li4Mn5O12 (a¼ 8.137 Å). The
formula of Li2Mn4O9 is written (□0.11Li0.89)8a[□0.22Mn1.78]16dO4 in spinel nota-

tion. Li2Mn4O9 accommodates 0.95Li/Mn to a cutoff of 2.0 V and shows a slight

transformation from cubic to tetragonal for 0.9Li (Fig. 6.18). This was evidenced by

the appearance of a second phase in the Raman spectrum of Li4.4Mn4O9. Similar

features are observed for Li0.51MnO2.20, which can insert 0.86Li/Mn.

6.4.4 Li Doped Spinels

For wide scale application, the major drawback of LiMn2O4 comes from the

difficulty to prepare samples of good quality because the Jahn–Teller Mn3+ ion

favors lattice distortions. Several investigations have been made to overcome the

Fig. 6.17 Expanded region of the Li-Mn-O phase diagram. The MnO2-LiMnO2-Li2MnO3 tie

triangle includes the region of defect spinel compositions
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capacity fading by replacing Li for Mn [16]. The reduction of Mn3+ concentration

has been obtained by substitution of monovalent ions, which enhances the stabil-

ity of the LiMn2O4 spinel phase. In the system Li-Mn-O, Li1+xMn2�xO4 spinels

exist as a continuous series of solid solution in the range 0.00� x� 0.33. It is

generally accepted that Li-rich spinels behave with improved electrochemical

performance. Recently, numerous papers reported the physical properties of such

materials [100, 101, 123]. Both structural and magnetic analyses reveal that the

physical and electrochemical properties are importantly influenced by the pres-

ence of Li2MnO3 impurity phase. The presence of this additional phase reduces

the average oxidation state of manganese according to disproportionation reac-

tion, so that the final composition of the spinel phase is Li3.8Mn5.2O12

(or Li1.27Mn1.73O4). Due to the important geometric frustration of the magnetic

interactions, and dilution of the antiferromagnetic interactions, no magnetic

ordering is observed in the temperature range investigated. The anomalous mag-

netic properties, including the Dysonian profile of the ESR line, show that the

material is metallic. The Sommerfeld constant deduced from the specific heat

measurements is 308 mJ K�2 per mole of Li1.27Mn1.73O4, which shows that this

material belongs to the class of heavy-fermion systems like LiV2O4 or LiTi2O4.

These heavy fermions are the minority-spin tg# electrons of Mn3+ ions that have a

reduced effective masse m/m0¼ 467. The electrochemical properties show that

the specific capacity of 163 mAh g�1 for Li3.8Mn5.2O12 at charge rate 1C is a large

value due to the possible insertion of Li up to the composition Li6.8Mn5.2O12. The

origin of the disproportionation, and the flat voltage in the lithiation process have

been discussed in the framework of the stability of the Mott insulator phase with

respect to the metallic phase [75].

Figure 6.19a displays the discharge–charge curve of Li//Li4Mn5O4 cell. As

reported previously [16, 124], the [MnIV]O6 framework of Li[Li1/3Mn5/3]O4 spinel

is an attractive host structure for lithium insertion-extraction reactions because it

provides a three-dimensional network of face-sharing tetrahedra and octahedra for

lithium-ion diffusion. Li4/3Mn5/3O4 has a capacity of 163 mAh g�1 in the potential

Fig. 6.18 Charge–discharge profiles of defect spinels (a) Li0.5MnO2.25 (Li2Mn4O9) and (b)
Li0.51MnO2.2. Measurements were carried out at C/20 rate in the potential range 2–4 V
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range 3.5–1.5 V. Upon intercalation (discharge) the phase transition process from

spinel to rock-salt type phase with 3Li uptake in Li4Mn5O12:

Li4Mn5O12 þ xLiþþxe� Æ Li7Mn5O12: ð6:2Þ

Note that this phase transformation starts to dominate the electrode kinetics. The

OCV curve vs. x(Li) displays a voltage plateau in the Li composition range

0.05� x� 0.85. This curve slightly decreases from 0.9 before to drop sharply at

x� 0.95. A two-phase electrochemical reaction occurs as a flat voltage response; in

this reaction, a distinct change in voltage is evident as one phase becomes depleted,

thus providing an end-of-charge indicator [125]. Figure 6.19b shows the phase

evolution upon Li insertion studied by Raman scattering (RS) spectroscopy. Spectra

(curves A-E) of electrochemically lithiated Li4+xMn5O12 spinels were recorded on

material taken from a cell discharged in the range 3.2–2.5 V. The RS spectrum of

Li6.5Mn5O12 shows clearly the structural change that occurred in Li4/3Mn5/3O4

upon Li insertion from cubic (Oh
7) to tetragonal (D19

4h) structure. This structural

modification induces three typical RS bands at wave numbers 255, 282 and

397 cm�1. The high-frequency band appears at 628 cm�1 with a shoulder at

592 cm�1. Similarly to Li7Ti5O12, spectral features Li6.5Mn5O12 are consistent

with the tetragonal I41/amd symmetry. A tetragonal distortion is expected to

occur with the Li insertion in Li4/3Mn5/3O4 because of appearance of the Mn3+

Jahn–Teller ions at the end of the discharge. The net effect is a lowering in the

crystal symmetry from cubic Fd3m to tetragonal I41/amd [126].

Fig. 6.19 (a) Charge–discharge curves as a function of the lithium content in Li4+xMn5O12 cell.

Arrows indicate the composition for analysis. (b) The Raman spectra of Li4+xMn5O12 electrode

materials at different amounts of lithium insertion. The spectrum of the final product shows the

features of the tetragonal structure
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6.5 Five-Volt Spinels

To improve the poor cycling performance of LiMn2O4, several works have reported

transition metal substituted spinel materials LiMyMn2-yO4 withM¼Ni, Co, Fe, Cr,

etc. For a review see ref. [127]. Their electrochemical properties strongly depend on

the kind and content of 3d-transition metal. However, they exhibit high-voltage

plateau at around 5 V vs. Li0/Li+ [128, 129]. Among them, LiNi0.5Mn1.5O4 is of

special interest for its dominant potential at around 4.7 V. The plateau at 4.7 V

results from Ni2+/Ni4+ redox couple while the plateau at 4.1 V is due to the Mn3+/

Mn4+ redox couple. In contrast to the tetragonal structure formation upon insertion

of Li+ into undoped spinel, the spinel LiNi0.5Mn1.5O4 remains cubic to form

Li2Ni0.5Mn1.5O4.

The structure is identified as a primitive cubic cell a¼ 8.166 Å with a space

group P4132 instead of Fd3m for normal spinel lattice. The space group P4132

allows to place the larger Ni2+ ions (ionic radius 0.69 Å) in bigger 4b site instead of
16d site of normal spinel structure (Fig. 6.12). The smaller unit cell dimension is

primarily due to the change in Mn valence state. Despite the replacement of a

fraction of Mn ions by bigger Ni2+ ions, the Mn valence change effect is prevailing.

Figure 6.20 presents the RS spectra of LiNi0.5Mn1.5O4 powders synthesized by wet

chemical method. Using different procedure of calcination, two types of materials

are obtained, i.e., the ordered- and the normal-spinel framework. The former

compound exhibits additional Raman bands due to the symmetry lowering [130].
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Figure 6.21 shows the first charge–discharge profile of the spinel Li//

LiNi0.5Mn1.5O4 cells in the voltage range 3.5 to 4.9 V vs. Li0/Li+ for (a) normal A
[B2]O4 spinel lattice and (b) ordered 1:3 spinel framework [130]. Our data are

consistent with these of prior results in terms of their high-voltage characteristics.

As can be seen in Fig. 6.21, the LiNi0.5Mn1.5O4 samples reveal operating voltage

higher than 4.5 V. The curves are characteristic of a two-step lithium intercalation–

deintercalation behavior. The small plateau around 4.0 V is related to the redox

couple Mn3+/Mn4+. Pure and stoichiometric LiNi0.5Mn1.5O4 should not contain

Mn3+ ions. However, due to a small loss of oxygen during the synthesis at high

temperature, part of the inactive Mn4+ ions are reduced to active Mn3+ due to charge

neutrality. The plateau around 4.7 V has been attributed to the oxidation of Ni2+ to

Ni4+. The normal-spinel phase shows predominantly one-step reaction at 4.65 V.

The voltage profile of the ordered-spinel structure transforms from a sloping curve

to flat curve at 4.72 V. In the voltage range 3.5–4.9 V, the Li//LiNi0.5Mn1.5O4

delivers a capacity 133 mAh g�1 during the first discharge. The capacity retention is

over 97 % of the initial capacity for cells discharged at C/10 in the voltage range

3.5–4.9 V.

The cycling performance of the normal LiNi0.5Mn1.5O4 is better than that of the

ordered spinel material due to the higher diffusion coefficient of Li+ in the former.

Unfortunately, the disordered state favors the oxygen deficiency responsible for the

presence of the Mn3+ Jahn–Teller and the presence of LiyNi1�yO impurity, which is

damageable to the electrochemical properties. Therefore, different cation substitu-

tions have been made aiming to overcome this problem. The best result has been

obtained with substitution of Cr for Mn. In particular, LiMn1.45 Cr0.1Ni0.45O4 spinel

prepared by a co-precipitation method assisted by a post-annealing at 600 �C that

reoxidizes the manganese to the Mn+4 state showed improved capacity at any C-rate
up to 5C, with only 6 % capacity lost after 125 cycles [131].

3.5

4.0

4.5

5.0

0 20 40 60 80 100 120 140

charge

discharge

C
el

l 
vo

lt
ag

e 
(V

 v
s.
 L

i/L
i+

)

Capacity (mAh/g)

LiNi0.5Mn1.5O4

(normal spinel)

3.5

4.0

4.5

5.0

0 50 100 150

discharge

charge

C
el

l 
vo

lt
ag

e 
(V

 v
s.
 L

i/L
i+

)

Capacity (mAh/g)

LiNi0.5Mn1.5O4

(ordered spinel)

a b

Fig. 6.21 Charge–discharge curves of Li//LiNi0.5Mn1.5O4 cells with (a) normal-spinel and (b)
ordered-spinel framework

186 6 Cathode Materials with Monoatomic Ions in a Three-Dimensional Framework



6.6 Vanadium Oxides

Vanadium shows versatile oxide phases of mixed valence states between V4+ and

V5+. They have higher electronic conductivity arising from the hopping mechanism

from V4+ to V5+ and can be denoted by the nominal formula of VnO2n+1 (n> 2).

Lithium insertion reaction has been shown in vanadium oxides such as V2O5,

VO2(B), V6O13 and LiV3O8. Their structure consists of edge-shared octahedra

forming single zig-zag strings and double zig-zag ribbons with infinite extension

normal to the plane of the paper. The single and double sheets are then joined

together by sharing corners to give a three-dimensional lattice. Murphy et al. [132,

133] have investigated some distinct phases of vanadium oxides such as V3O7,

V4O9, and V6O13.

6.6.1 V6O13

V6O13 is a black material which derives from the ReO3 structure and is intermediate

in composition between VO2 and V2O5. In this family, V3O7 and V4O9 appear to

have an intermediate structure between that of V6O13 and V2O5. The monoclinic

structure of V6O13 contains edge-shared distorted VO6 octahedra forming single

and double zig-zag chains linked together by further edge sharing corner-shared

(Fig. 6.22). The resulting sheets (single and double) are interconnected by corner

sharing, thus giving a 3D framework [134]. This structure contains tri-capped

cavities joined through shared square faces. The three open faces of the cavity

should permit lithium-ion diffusion along (010) with the possibility of exchange

between pairs of adjacent channels. Stoichiometric V6O13 can be written as

(V4+)4(V
5+)2(O

2�)13 as far as the valency state of the vanadium ions are concerned.

Fig. 6.22 The

crystallographic structure

of V6O13 showing the shear

lattice derived from the

ReO3. The structure

consists of distorted VO6

octahedra sharing corners

and edges
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The structure of V6O13 is interesting from an electrochemical viewpoint due to

the theoretical maximum limit of lithium uptake giving an energy density of

890 Wh kg�1. The stoichiometric V6O13 structure is believed to accommodate

8 Li per formula unit as determined by the available electronic sites rather than the

structural cavities [135]. The limit corresponds to a situation when all the vanadium

ions are present in the trivalent V3+ state. As a function of the stoichiometry, the

maximum uptake goes to 1.35 Li for VO2.18 oxide. Reversible chemical and

electrochemical insertion of lithium into V6O13 was first demonstrated by Murphy

et al. [132, 136], and its potential as an active cathode material in practical batteries

has since been more fully investigated [135]. The discharge curve exhibits three

distinct plateaus, reflecting the sequential filling of non-equivalent sites in the host

structure (Fig. 6.23) [137].

Figure 6.24a shows the Arrhenius plot of the electrical conductivity of V6O13

and LixV6O13 (0� x� 6). The pure material has a conductivity of 1� 10�2 S cm�1

at room temperature and exhibits a semiconductor behavior. The electronic con-

duction in V6O13 is due to the electron hopping between V4+ and V5+ states. The

decreasing conductivity corresponds to a steadily decrease with addition of Li-ions

in the LixV6O13 framework. Intercalation of Li-ions is believed to lower the valence

state of vanadium ions by transfer of electrons. The relative concentration of

reduced cations results in the lowering of the conductivity towards a poor electronic

semiconductor. Electronic conductivity of pressed V6O13 powders indicates a sharp

fall in two steps with increasing Li content [138, 139]. For lithiated V6O13, we

observe a continuous decrease of the electrical conductivity. Lowest conductivity

of 5� 10�4 S cm�1 has been measured in Li6V6O13. This is also accompanied by an

increase in activation energy, a general phenomenon observed in any oxide with

small-polaron conduction. Fourier transform infrared (FTIR) spectra of LixV6O13

(x¼ 0.0 and 3.2) compounds reveals the transition from metal-like to small-polaron

features (Fig. 6.24b). In pure V6O13, a Drude edge is observed around 200 cm-1,

which is the contribution of the free charge-carriers in the 3d band. For lithiated
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V6O13, we observe a continuous decrease of the electrical conductivity, which is

also recorded in the far-infrared spectrum by the disappearance of the Drude

absorption [137].

6.6.2 LiVO2

LiVO2 adopts the O3 structure of LiCoO2. Although lithium could be readily

extracted from LiVO2, the vanadium ions migrate to the lithium planes for

(1� x)< 0.67 in Li1�xVO2 [140, 141]. Similarly, the LiV2O4 spinel suffers from

the migration of vanadium ions during the charge–discharge process.

6.6.3 VO2(B)

The VO2(B) phase is a metastable form of VO2 [142] that exhibits high capacity

with good cyclability. The shear structure derived from the hypothetical VO3,

ReO3-like structure consists of distorted VO6 octahedra sharing corners and edges

[143–145]. Additionally, VO2(B) contains one dimensional tunnel for alkali inser-

tion. Metastable VO2(B) crystallizes in a monoclinic structure clearly identified

(a¼ 12.03, b¼ 3.693, c¼ 6.42 Å, β¼ 106�) and distinct from the closely related

structure of V6O13. However, VO2 (B) is very difficult to prepare by conventional

high temperature route because the phase change from metastable to thermody-

namically more stable rutile phase VO2(R). Two other VO2 phases are known:

VO2(A) which exhibits the shift of oxygen vacancies in the fcc lattice and the

Fig. 6.24 (a) Arrhenius plot of the electrical conductivity of V6O13 and LixV6O13 in the compo-

sition range 0� x� 6. Measurements were carried out on pellets using the van der Pauw method.

(b) FTIR absorption spectra of V6O13 and Li3.2V6O13

6.6 Vanadium Oxides 189



metallic VO2(M) phase [142]. Nanostructured VO2(B) material was prepared in

various forms such as nanowires, nanobelts, nanoribbons, nanoneedles, and

nanorods [146–150]. The synthesis of VO2(B) by slow reduction of V5+ in V2O5

shows a preferential growth in platelets with surfaces parallel to the ab-plane
[151]. Nanorods VO2(B) were prepared by solvothermal reduction of V2O5 by

formaldehyde or isopropanol [152]. Vanadium oxide aerogels were used as a

precursor for preparing nanotextured VO2(B) by low-temperature heat treatment

under vacuum. The VO2(B) material prepared from aerogel precursor retains the

fibrous morphology and high surface area of the aerogel. The electrochemical

behavior of VO2(B) shows specific capacity for lithium as high as 500 mAh g�1

and good stability when cycled between 4 and 2.4 V vs. Li0/Li+ [153]. Nanoflower-

like VO2(B) synthesized via one-step hydrothermal process had the first discharge

capacity of 180 mAh g�1 [154]. VO2(B) nanobelts synthesized by simple

hydrothermal route have rectangular cross-section with mean length ~1 μm, mean

width ~80 nm and thickness ~50 nm. Electrochemical tests show an initial dis-

charge capacity of 321 mAh g�1 with voltage plateau near 2.5 V [155]. Figure 6.25

presents the initial two charge–discharge curves of Li//VO2(B) cell cycled at

C/12 rate.

6.7 Concluding Remarks

Numerous efforts are done to replace the cobalt oxide used in commercial lithium-

ion batteries by materials with low cost and environmental concerns. The develop-

ment of new materials needs new synthesis procedure such as sol–gel processing,

ion-exchange reaction, hydrothermal reaction, etc. The chemical and structural

stabilities of the transition-metal oxide electrodes have been compared by studying

bulk samples. In this respect, the various physicochemical techniques are welcome

Fig. 6.25 The initial two

charge–discharge curves of

Li//VO2(B) cell cycled at

C/12 rate
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to design the best structure. Synthesis of amorphous compounds could help in the

knowledge of microstructures in this regard.

The search for materials that exhibit superior cycling performance has led to the

study of transition-metal- and cation-substituted materials; Effect of doping have

been successful in many cases such as LiNiO2, LiCoO2, LiMnO2, LiMn2O4. The

LiCo1�yMyO2 system showing relatively better chemical stability can replace the

conventional LiCoO2 with respect to oxygen loss. However, the problem of thermal

instability of these lamellar compounds is not solved [156]. New systems such as

LiNi0.5Mn0.5O2 and LiNi0.5Mn1.5O4 show interesting electrochemical features but

need better control of their crystal chemistry.

In view of maximizing the cell voltage and energy density, transition metal

oxide hosts have emerged as the choice for cathodes. The electrode properties of

some of the 3d transition metal oxides are summarized in Table 6.3. Among the

various oxide hosts, the layered LiMO2 (M¼Co and Ni), spinel LiMn2O4, and

olivine LiFePO4 containing lithium have emerged as the leading cathode candidates

as they can be coupled with the presently available anode host carbon, which does

not contain lithium. However, only 40–65 % of the theoretical capacity of the

layered LiMO2 and spinel LiMn2O4 could be practically utilized due to various

difficulties such as chemical and structural instabilities, which are discussed in a

later chapter.

The future challenge is to develop simple oxide cathodes without having other

elements such as P or Na in which at least one lithium ion per transition metal ion

could be reversibly extracted/inserted while keeping the materials cost and toxicity

low; such a cathode can nearly double the energy density compared to the present

level. There are also possibilities to increase the capacity of anode hosts perhaps by

focusing on amorphous materials. An alternative approach is to develop cells with

lithium-containing anodes and lithium-free cathodes. This strategy will allow the

use of some of the already known high capacity cathodes such as the vanadium

oxides that have better chemical stability and safety characteristics. From a safety,

and cycle and shelf life points of view, cathodes with a lower voltage (3–4 V) are

Table 6.3 Comparison of the electrode characteristics of some 3d transition-metal oxides

Oxide

Practical capacity

(mAh g)�1
Average

voltage (V)

Reversible Li+

per M atom

Energy density

(mWh g�1)

LixVO2 290 2.6 0.9 750

Li1�xMn2O4 120 3.8 0.4 455

LixNayMnOzIη
(amorphous)

275 2.6 1.5 715

Li1�xCoO2 140 3.7 0.5 520

Li1�xMnCoO4 125 4.8 0.4 600

Li1�xNiO2 140 3.8 0.5 530

Li1�xNi0.85Co0.15O2 180 3.75 0.6 675

LixFe2(SO4)3 110 3.6 0.8 400

LixFePO4 170 3.3 1.0 560
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preferred, but this is at expense of the energy density. In particular, we see in the

next chapter that frameworks built with (PO4)
3� polyanions are very promising

materials. The phospho-olivine structure LiFePO4 exhibits a very stable framework

upon electrochemical cycling, and carbon-coated LiFePO4 is an excellent cathode

element for high-power batteries, but its energy density is smaller than that of

lamellar compounds, although recent studies indicate that 100 % of the theoretical

capacity of LiFePO4 can be utilized.
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Chapter 7

Polyanionic Compounds as Cathode
Materials

7.1 Introduction

Since the discovery of the Goodenough’s group, the lithium insertion compounds

built with polyanionic groups such as (SO4)
2�, (PO4)

3�, (P2O7)
4�, (MoO4)

2�, or
(WO4)

2� are considered as potential positive electrode materials for use in lithium

rechargeable batteries [1, 2]. Yet in this family, olivine phosphate and Nasicon-like

frameworks are currently the subject of many investigations. LiFePO4 (LFP) has

received a special attention, because this cathode material realizes the highest

capacity (�170 mAh g�1) at moderate current densities [3]. In addition, it presents

several advantages with regard to low cost, non-toxicity, environmental friendli-

ness, and high safety that are determinant with respect to cobalt-oxide-based

materials for large-scaled applications such as hybrid electric vehicles (HEV).

Nevertheless, the bulk electronic conductivity of LFP is quite low, which may

result in losses in capacity during high-rate discharge. To increase the electronic

conductivity, it is a common practice in the production of Li-ion battery cathodes to

add carbon to a LFP powder [1, 4], and surface coating of LFP particles with thin

layers of carbon [5–7]. On a technical point of view, however, the amount of carbon

added to the powder cannot exceed few wt%, so that the coating of the particles by a

thin (typically 3 nm thick) carbon layer is definitely the solution. A seven-order-of-

magnitude increase in the electronic conductivity can be reached by the addition of

an organic material as a carbon precursor, such as sucrose, to produce a carbon coat

to LiFePO4 raw particles by a spray pyrolysis technique [7]. The addition of carbon

has then the advantage of combining much better electronic conductivity and high

capacity. In particular, a capacity of about 160 mAh g�1 has been found in ref. [5]

for LFP coated with 1 wt% carbon.

Ravet et al. [6] reported two ways to coat carbon: mixing LiFePO4 powder with

sugar solution and heating the mixture at 700 �C, or synthesizing LiFePO4 with

some organic materials added before heating. Although the way to add carbon is not

fully optimized yet [8], the synthesis and the effects of carbon deposition process on
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LiFePO4 are now well understood [9]. The electrochemical properties of LFP are

known to be sensitive to the mode of preparation and the structural properties. This

can be an advantage for potential applications since it allows for an optimization of

the material if we can correlate the mode of preparation with the structural and the

physical properties. Aiming to this problem, we have first investigated this corre-

lation in LiFePO4 that had been grown by three different techniques [10]. Different

clustering effects have been evidenced. A firing temperature larger than 800 �C
increases the fraction of Fe2P [11], with Fe2P nanoparticles in such large concen-

tration that they drive superferromagnetism has been detected in samples that have

been heated to such high temperatures [10]. On the one hand, the presence of Fe2P

can increase the electronic conductivity because it is metallic, but on the other hand,

it also decreases the ionic conductivity so that both the capacity and cycling rates

are degraded with respect to the carbon-coated LFP free of impurity. Most of all,

Fe2P dissolves into the electrolyte, thus reducing importantly the life of the battery.

It is thus desirable to optimize the preparation of the samples so that such clustering

effects do not occur. This can be done easily for Fe2P clusters by decreasing the

synthesis temperature, but it is more difficult to avoid the presence of a small

concentration (1.0� 10�6 per chemical formula) of γ-Fe2O3 nanoparticles [10, 12].

We know from the iron industry that hydrogen, carbon monoxide or carbon can

reduce Fe2O3 through different reduction steps that depend on temperature and

other physical parameters such as particle sizes. Nearly all iron produced commer-

cially is made using a blast furnace process covered by most chemistry text books.

In essence, at high temperature, Fe2O3, is reduced with carbon (as coke) according

to the reaction 2Fe2O3 + 3C! 4Fe + 3CO2. This is one of the most significant

industrial processes in history, and the origins of the modern process are traceable

back to a small town called Coalbrookdale in Shropshire (England) around the year

1773. This is known as the carbothermal effect. Although we might then expect that

carbon would reduce Fe3+ ions directly over 1000 �C or through the formation of

CO gas, thus preventing the formation of γ-Fe2O3, this process is impossible at the

lower synthesis temperature used for LFP. The proof is given by the fact that adding

carbon to the precursors of LFP fails to synthesize LFP when the synthesis can be

achieved by adding any organic compound as the carbon precursor [13]. Actually

the decomposition of the organic compound produces carbon that deposits on the

LFP particles and forms the carbon coat, and also reductive hydrogenous gases that

are active kinetically to reduce Fe3+ impurities in the 500–700 �C temperature range

used in the synthesis process. This effect is also favored by the fact that the organic

precursor is usually mixed with the LFP material or with the LFP chemical pre-

cursors by solution processes at a molecular size level. For overview on olivine

phosphate material see the reviews recently published [14–16].

The aim of the present chapter is to investigate the physico-chemical properties of

optimized of LFP and Nasicon-like electrode materials. One approach to provide

insight into the structural and electronic properties of electrode materials involves a

systematic study by a combination of techniques including structural, magnetic and

spectroscopic measurements. Furthermore, advantage can be taken of the high sensi-

tivity of some analytical tools for the detection of parasitic impurities that can be grown
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during synthesis of solid phases. These principles were fully exploited to optimize

lithium iron phosphate compounds. Both carbon-free and carbon-coated LFP samples

are examined in order to investigate the effect of carbon on their structural properties.

Electrochemical extraction of Li from LiFePO4 gives (Fe
2+/Fe3+) redox poten-

tial at ca. 3.5 V vs. Li0/Li+. A small but first-order displacive structural change of

the framework gives a two-phase separation over most of the solid-solution range

0< x< l for LixFePO4 and therefore a flat V–x curve. A reversible capacity of

160 mAh g�1 is delivered by the nano-structured cathode particles coated with

carbon. Electrochemical characteristics of LiFePO4 are compared with those of

other Fe-containing phosphates in Fig. 7.1. This graph presents the energy of the

redox couples against the specific capacity relative to lithium and iron in various

phosphate frameworks. Electrochemical tests of optimized LiFePO4 have been

conducted under various conditions to assess the influence of the electrolyte on

stability and the influence of electrode processing. Post-mortem analysis, i.e., ICP,

XRD, SEM, showed that no iron species were detected at the separator-negative

electrode interface in cells with anode of lithium metal, graphite, or C-Li4Ti5O12

[12, 17, 18]. This result is attributed to the high quality of the “optimized” LiFePO4,

impurity-free materials used as positive electrodes.

This chapter is organized as follows. First, we expose in Sect. 7.2, the synthesis

route and crystal chemistry of LFP. Section 7.3 presents the structure and morphol-

ogy of optimized LiFePO4 particles deduced from the analysis of data including

X-ray powder diffractometry (XRD), Scanning Electron Microscopy (SEM), High

Resolution Transmission ElectronMicroscopy (HRTEM), Fourier transform infrared

(FTIR) and Raman scattering (RS) spectroscopy. However, these techniques do not

allow the detection of impurities or nanometer-sized clusters in concentration lower

than 1 %. We then complete the analysis (Sect. 7.4) with magnetic measurements:

magnetization curves and electron spin resonance (ESR), since they are powerful
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tools to characterize the strongly ferrimagnetic nanoparticles of γ-Fe2O3 (both in size

and concentration) even at concentrations as small as the ppm [10, 11]. Yet this set of

experiments is not sufficient to characterize the carbon-coated compounds. First,

carbon is nonmagnetic. Second, the sensitivity of FTIR spectroscopy, which is a

probe of bulk properties, is not sensitive enough to detect the carbon. Therefore, we

have added Raman spectroscopy to characterize the carbon coat. Since the penetra-

tion depth of the light inside the LFP particles in such experiments is very small, these

experiments are a probe of the first layers at the surface of these particles and allow

for the detection of carbon coat. They also give evidence that the carbon does not

penetrate inside the particles and remains stuck at their surface. As a result, we find

that the carbon-coated sample can be prepared free of γ-Fe2O3 and any Fe3+-based

impurity. In Sect. 7.5, we explore the effects of the exposition of carbon-coated

LiFePO4 particles to H2O. The deterioration of the carbon coat is found to be

dependent on the synthesis process, either hydrothermal or solid-state reaction. In

case the particles are simply exposed to humid air, the carbon coat protects more

efficiently the particles. In this case, the exposure to H2O mainly results in the

delithiation of the surface layer, due to the hydrophilic nature of Li. Again, however,

this process only affects the surface layer, at least for a reasonable time (weeks) of

exposure to humid air. In addition, within this timescale, the surface layer can be

chemically lithiated again, and the samples can be dried to remove the moisture,

restoring the electrochemical properties that are then reversible. Finally, Sect. 7.6

shows the electrochemical performance of the optimized LFP particles. We demon-

strate the electrochemical ability of the material operating at high temperature,

ca. 60 �C, which justifies its use as a cathode element in the new generation of lithium

secondary batteries powering Electric Vehicles (EV). We report a Li-ion battery that

can be charged within a minute, passes the safety tests, and has a very long shelf life.

The active materials are nanoparticles of LiFePO4 and Li4Ti5O12 for the positive and

negative electrodes, respectively. The “18650” battery prepared under such condi-

tions delivers a capacity of 800 mAh. It retains full capacity after 20000 cycles

performed at charge rate 10C, discharge rate 5C, and retains 95 % capacity after

30000 cycles at charge rate 15C and discharge rate 5C.

7.2 Synthesis Routes

Many synthesis routes have been used for the preparation of LiFePO4 materials.

They are reviewed in this section as follows.

7.2.1 Solid-State Reaction

An important parameter in this synthesis route is the choice of precursors

[19–22]. For instance, LiFePO4 specimens were prepared by mixing iron
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(II) oxalate [Fe(C2O4)·2H2O], ammonium di-hydrogen phosphate [NH4H2PO4],

and lithium carbonate [Li2CO3] in the molar ratio 1:1:1. However, with this choice

a residual concentration of γ-Fe2O3 was detected by magnetic experiments

[10, 23]. The concentration of iron involved in this impurity is very small (0.3 at.%)

so that it cannot be detected by X-ray diffraction analysis for instance, but is it

damageable to the electrochemical properties, because it is located at the surface of

the LiFePO4 particles, where it can be an obstacle to the electron and ion transfer.

Samples free of any impurity were obtained with another choice of precursors, namely

FePO4(H2O)2 and Li2CO3 in stoichiometric amount. These precursors were then

thoroughly mixed together in isopropanol. After drying, the blend was heated at

700 �C for 8 h under reducing atmosphere. This sintering temperature is also an

important parameter. Heating at T� 500 �C is not sufficient to prevent the formation

of secondary phases with Fe3+ ions, since the presence of Fe3+ has been detected by

M€ossbauer experiments. On the other hand, both trivalent Fe2O3 and Li3Fe2(PO4)3 are

formed in such large quantities that they are detected by X-rays after heating above

800 �C [22]. The heating temperature 700–750 �C thus appears as the best compro-

mise: high enough to obtain well-crystallized samples, small enough to avoid the

formation of impurities. With this choice of precursors, the particles are not carbon-

coated. As it has been specified in the introduction, the very small electric conductivity

requires a coating of the particles with a conducting agent, usually carbon (although a

coating with conductive polymer is also possible, as we shall see below with the

polyol synthesis). The carbon coating was performed as follows. Sucrose and cellulose

acetate were chosen as the carbon precursors in acetone solution. The carbon-free

powder was mixed with the carbon precursors. The dry additive corresponded to 5 wt

% carbon in LiFePO4. After drying, the blend was heated at 700 �C for 4 h under

argon atmosphere. We have shown elsewhere that this is the minimum temperature

needed to make the carbon layer conductive [24]. Note also that in the solid-state

technique, it is not needed to use a two-step process in which the LiFePO4 are first

synthesized, before the carbon coating is performed in a second step. It can be done in

a one-step process, by including the carbon precursor to the precursors of LiFePO4 and

following the procedure described above. The result is the same, namely C-LiFePO4,

which means LiFePO4 particles covered with a thin layer (about 3 nm thick) of

conductive carbon. Also, the choice of sucrose or cellulose is not critical. Other

sources of carbon have been chosen, like polystyrene, or malonic acid, although in

this particular case, the thickness of the carbon layer is larger (between 4 and

9 nm) [25].

7.2.2 Sol–Gel Method

The sol–gel method was also successful [26, 27]. As a starting precursor, iron (III)

citrate and two parts of citric acid were dissolved at 60 �C in water. Separately, an

equimolar water solution of LiH2PO4 was prepared from lithium phosphate and

phosphoric (V) acid. Clear solutions were mixed together and dried at 60 �C for
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24 h. After thorough grinding with a mortar and pestle, the obtained xerogel was

fired in an inert (pure argon) atmosphere at 700 �C for 10 h. Note this is the same

temperature as in the case of the solid-state reaction route, for the same reason. Also

in both synthesis routes, micro-sized particles are obtained. LiMPO4/C (M¼Mn,

Fe) composite particles are obtained in both cases. In the sol–gel technique, this is

due to the fact that the remaining solid products of citrate degradation (basically

pure carbon) are deposited on all surfaces of the LiFePO4 particles [28, 29]. The

sol–gel technique leads to particles that are more or less spherical, like the solid-

state technique. There is, however, a difference in the morphology. Contrary to the

result of the solid-state reaction, the sol–gel technique generates particles that are

porous and their interior has large voids due to development of gases during

degradation of citrate anions. Nevertheless, the particles are well crystallized.

Also, the carbon coat is also less regular and less uniform than in the case of the

solid-state reactions.

7.2.3 Hydrothermal Method

Among the various synthesis approaches pursued in the past few years, the hydro-

thermal route is particularly successful with respect to controlling the chemical

composition and crystallite size [13, 30–33]. The conventional hydrothermal pro-

cess involves a reaction time 5–12 h to synthesize LiFePO4 [34–40]. With respect to

the previous techniques, the hydrothermal process has the advantage that the

synthesis temperature can be as small as 230 �C [33]. Brochu et al. [41] demon-

strated the beneficial effect of choosing adapted complexing agent in the hydro-

thermal solution. Even at this mild temperature the coating of the particles by

conductive carbon could be achieved by an in situ hydrothermal carbonization of

glucose during the synthesis process. The heating temperature to get the particles

coated with conductive carbon was still 700 �C, but good results were obtained

upon heating during 1 h only. Note however that this is linked to the microwave

assistance, reviewed later on in this section.

7.2.4 Coprecipitation Method

The co-precipitation method was chosen as the synthetic method of LiFePO4,

because it allows for a control of the morphology and the accessibility of cheap

raw materials [42, 43]. Recently, Wang et al. [44] succeeded in preparing nano-

sized LiFePO4 by co-precipitation combined with in situ polymerization. During

the previous co-precipitation process, aniline monomers were polymerized and

covered the surface of each newly formed FePO4 particle, thus hindering the further

growth of nuclei. The morphology of the LiFePO4 consisted of primary particles

(40–50 nm) more or less spherical, only slightly agglomerated with secondary
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particles of 100–110 nm. Each particle was evenly coated with an amorphous

carbon layer, which has a thickness around 3–5 nm. Graphene-LiFePO4 composites

of spherical shape and size about 100 nm were also obtained using a previous

co-precipitation method in de-ionized water at room temperature [45]. The com-

posite in that case was obtained with graphene nanosheets used as additives, and

sintering at 700 �C for 18 h in a tubular furnace under argon flow.

7.2.5 Microwave Synthesis

Microwave-assisted synthesis approach is appealing because it can shorten the

reaction time to a few minutes with significant energy savings. Park et al. [46]

reported that the single-phase LiFePO4 was synthesized by microwave heating

using carbon as a microwave absorber and a reducing agent, and the precursor of

LiFePO4 was prepared by a method of co-precipitation. Higuchi et al. [47] reported

on LiFePO4 prepared in a domestic microwave oven; the mixture of starting

materials was prepared by manual grinding. However, the main problem arises

from the nonuniformity of components in the precursor, especially after the addi-

tion of carbon. Recently, Beninati et al. [48] and Wang et al. [49] reported the

synthesis of LiFePO4 by irradiating the solid-state raw materials with carbon in a

domestic microwave oven. However, they were unable to control the particle size,

and the electrochemical properties were not as good as expected. C-LiFePO4

particles under the form of rods with diameter about 200 nm have been obtained

[33] within a short reaction time (15 min) by a simple microwave-assisted hydro-

thermal (MW-HT) method. This offers significant energy and cost savings for

large-scale industrial manufacturing [50–52]. Although attention is more focused

on nanoparticles, it should be noticed that micron-sized and sub-micron particles

can also been obtained by a one-step microwave method with the domestic or the

laboratory microwave oven [53, 54].

7.2.6 Polyol and Solvothermal Process

A polyol process has been developed first by Kim to synthesize LiFePO4 particles

under the form of rods with average width 20 nm and length 50 nm [55], but

different shapes ranging from rods to plates can be obtained [56] with average size

of 100–300 nm. Note the polyol process makes possible the synthesis of LiFePO4 at

low temperature just like the hydrothermal process. Bigger particles can be

obtained by the solvothermal process in a polyol medium of diethylene glycol,

but still under the form of plates or rods. The advantage of this process is that the

polyol medium acts not only like a solvent but also as a reducing agent and

stabilizer that limits the particle growth and prevents agglomeration [55–58]. In

general, the solvothermal process leads to the formation of LiFePO4 under the form
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of plates, about 50 nm-thick [59], which can be self-assembled by using poly(vinyl

pyrrolidone) (PVP) as the surfactant in a benzyl alcohol system [60].

7.2.7 Micro-emulsion

An emulsion drying method allows for the synthesis of particles in a more spherical

shape, even at 300 �C [61]. However, the crystallinity is low and well-crystallized

C-LiFePO4 powders were obtained only after calcinations at 750 �C. In addition,

the particles are big (only sub-micron sized), unless burning-out the emulsion-dried

precipitates under such conditions that lead to a very high carbon concentration

coming from the burning of the oil.

7.2.8 Spray Technique

Spray pyrolysis is a method that can be used to obtain a powder with particle size

distribution that is narrow and controllable from micrometer to sub-micrometer

order [62]. The size of the particles is reduced to 300 nm by a combination of spray

pyrolysis with dry ball milling [63]. To decrease the size of the particles down to

150 nm on average, a wet milling is needed, and performed owing to 45 ml zirconia

vial, ethanol being used as a medium [64].

7.2.9 Template Method

Porous LiFePO4 can also be prepared via a solution-based template technique

[65–67]. Nanowire LiFePO4 has been obtained by this process, using the

two-dimensional hexagonal SBA-15 silica template with P6mm symmetry. How-

ever, the performance as a cathode element is not as good as the three-dimensional

porous LiFePO4 obtained when using hard templates KIT-6 for instance [66]. Using

poly(methyl methacrylate) (PMMA) colloidal crystals as templates, porous

LiFePO4 has been obtained with a range of pore sizes, enabling the pore sizes to

be tailored in the (2–50 nm), (20–80 nm), and (50–120 nm) size range, depending

on the diameter of the initial PMMA template [67]. The thermal heating is 700 �C,
like in the other synthesis routes except hydrothermal and microwave synthesis. We

have already mentioned that porous samples have also been obtained by the sol–gel

technique, but the template technique has the advantage of the monitoring of the

pore size, so that the morphology can be adapted to optimize the electrochemical

properties. However, nano-structured electrode materials prepared from template

synthesis routes use polycarbonate filtration membranes followed by removal of

membranes. Thus, template synthesis method suffers from disadvantages related to
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high cost and complicated synthetic procedures that are difficult to expand to large-

scale commercial applications. That was the motivation to use a template-free

reverse micelle process for the synthesis of rod-like C-LiFePO4 particles [68].

7.2.10 Mechanical Activation

Mechanical activation involves the blending of ingredients by high-energy ball

milling followed by thermal treatment at high temperature. The ball milling can

reduce the particle size and create close contact of the reactants. The mechanical

activation process also allows the in situ formation of a carbon coat on the LiFePO4

particles when a suitable organic/polymeric compound is incorporated as the

carbon source during the synthesis. Thereby, a decrease in the thermal treatment

time and temperature is usually experienced during the following calcination to

obtain a pure phase product. That is why mechanical activation has been commonly

used [63, 69–73] to synthesize LiFePO4. However, in the present case, the mechan-

ical activation of the synthesis of C-LiFePO4 composites does not make possible a

reduction or the temperature of the heating treatment nor even its duration, because

these parameters are imposed by the coating with conductive carbon.

All the synthesis routes above described produce LiFePO4 powder with capacity

close to the theoretical value provided the synthesis is performed under reducing

atmosphere to avoid oxidation of iron generating Fe3+-based impurity phases

[10]. The multiplicity of the synthesis routes that have been investigated gives

evidence of the efforts to find which one would be the best to obtain particles with

good crystallinity and small size at the industrial scale. As we have reported, small

crystallized particles can be obtained by different techniques. Yet the size is not the

only parameter of interest; the shape of the particles matters too, since the ionic

motion is very anisotropic. The Li+ ions preferably slalom along the b-axis of the
crystal with orthorhombic Pnma S.G. [74, 75]. It is then desirable to reduce the

crystallite size along this axis. However, this is a difficult problem because there is a

tendency of the particles to grow in the form of plates in the (ab) plane [76],

although the thickness along the b-axis is reduced to 30–40 nm in some cases [59,

77–79]. As we have recalled, for some synthesis routes, the reduction in size occurs

at the expense of crystallinity and the formation of a large concentration of defects

[78], which reduces the electrochemical performance. These difficulties have been

overcome in the framework of a preparation process in which the mechanical

assistance is used only to reduce the size of the particles [80]. In a first step, the

LiFePO4 particles are prepared by a solid-state reaction at 700 �C under inert

(nitrogen) atmosphere using the polymeric synthetic route described elsewhere

[81]. The starting materials were Fe(III) phosphate (FePO4(H2O)2) and lithium

carbonate (Li2CO3) as precursors. Then, the mixture was heated to 1050 �C for

5 min in a graphite crucible and then cooled under N2 atmosphere. This mode of

preparation does not allow us to obtain nano-sized particles. On the other hand, it

makes possible the synthesis of big samples, even ingots of few tens of centimeters
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in size, with high crystallinity and free of defects. The next step is to decrease the

size of the particles down to the desired value, anywhere in the range from the

centimeter down to 40 nm. For this purpose, the ingot is first crushed into

centimeter-size particles by using a jaw-crusher with ceramic liner to avoid metal

contamination. Then, the roll crusher (ceramic type) is used to obtain millimeter-

size particles. The millimeter-size particles are further ground by jet-mill to achieve

micrometer-size particles. In the process, the grains enter the grading wheel and are

blasted to the collector. The particles obtained at this step are referred as “jet-mill”

in the following. There size is the order of 1 μm. To obtain smaller particles, these

micrometer-size powders were dispersed in isopropyl alcohol (IPA) solution at

10–15 % of solid concentration and then ground on a bead mill using 0.2-mm

zirconia beads to obtain nanometer-size particles [80]. This final product is referred

“wet mill” in the following. One advantage of the process is that we can investigate

the properties of the same particles at different stages of the milling for comparison,

so that any difference is a size effect. The particles can be considered as uncoated

particles because of the great damage caused by the milling process. In the case of

the particles used to obtain the experimental results illustrated in the figures of this

review, the carbon-coated particles have been obtained with lactose as the carbon

precursor in acetone solution according to the following procedure. The uncoated

particles were mixed with the carbon precursor. The dry additive corresponded

to 5 wt% carbon in LiFePO4. After drying, the blend was heated at 750 or 700 �C
[69, 81] for 4 h under argon atmosphere. This range of temperature is dictated by two

considerations. On the one hand, below 700 �C, the carbon deposit is not conductive
enough [81]. On the other hand, TEM images recorded in situ as a function of

temperature show that above 750 �C, the shape of the particles changes so that inter-
diffusion phenomena take place [80]. The quantity of carbon represents about 2 wt%

of the final product (C-detector, LECOCo., CS 444). The whole procedure has many

advantages. The ingot has been prepared with a procedure that makes it free of

impurity and with good crystallinity. No defect is introduced in the milling process.

At the end, the wet-milled nanoparticles are crystallites, since the coherence length

measured from the Rietveld refinement of the XRD spectrum using the Scherrer’s

law is the same as the size of the primary particles observed by TEM.

A major effect of the carbon deposition process has been to reduce Fe3+, most

probably through a gas-phase reduction process involving hydrogen from the

organic carbon precursor. The hydrogen prevents formation of γ-Fe2O3

nanoparticles in which iron is in the trivalent state. The cartoon shown in Fig. 7.2

summarizes the conditions of synthesis of LFP powders as positive materials for

lithium-ion batteries. Although the heating of our sample in the preparation process

did not exceed 700 �C, the amorphous carbon film is expected to have properties

similar to carbon-pyrolyzed photoresists prepared at a pyrolysis temperature

Tp¼ 830� 30 �C. This feature is essential to explain the performance of the carbon

coating since increasing the sintering temperature degrades LFP, and increases the

amount of Fe2O3 clusters (or even Fe2P clusters in some cases) in the material. On

the other hand, decrease of the pyrolysis temperature below 800 �C degrades

dramatically the electronic conductivity of the carbon. The carbon deposit can be
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viewed as a film of irregular thickness, 30 nm thick on average, eventually with

gaps. The gaps might actually be fortunate as the lithium can pass through them

without having to tunnel through the carbon film, which could be one reason why

the ionic conductivity is not affected by the coating. Finally, it is also possible to

prepare nano-crystalline LiFePO4 starting from FePO4 [82].

7.3 Crystal Chemistry

7.3.1 Structure of Olivine Phosphate

Triphylite is a rather scarce orthophosphate primary mineral found in phosphatic

pegmatites and pegmatite dikes. Its formula is Li(Mn,Fe)PO4 and differs from the

other mineral, lithiophilite, by being rich in iron instead of manganese. The structures

of the two minerals are the same and form a solid solution, referred as the triphylite

series, isomorphous with olivine. Therefore, any difference in physical properties

along the series would be related to the iron/manganese percentage. These differ-

ences are best evidenced by comparing the physical properties of the two end

members, namely LiFePO4 and the often associated material LiMnPO4, which, in

contrast with triphylite and lithiophilite, are artificial ceramics [83]. In addition,

triphylite in Greek means “family of three” (referring to iron, manganese, and

lithium). Any confusion between LiFePO4 and triphylite met sometimes in the

literature should then be avoided. Triphylite alters easily into other phosphate

minerals, and geologists show it a lot of respect for making the other phosphate

minerals possible. This easy alteration, however, means that it is difficult to make

good quality, well-crystallized samples. This feature, which makes geologists happy,

is thus only bad news for physicists and chemists who also devote a lot of attention to

the triphylite series although their effort has been focused on the definite compounds

LiFePO4 and LiMnPO4 rather than their solid solutions. Thesematerials belong to the

rich family of olivines of the Mg2SiO4-type with the general formula B2AX4 [84].

Fig. 7.2 Cartoon of the synthesis of LiFePO4 powders as positive materials for Li-ion batteries
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The crystal structure of lithium-iron phosphate materials has been studied by

several authors [84–91]. As a member of the olivine family, LiFePO4 crystallizes in

the orthorhombic system (No. 62) with Pnma S.G. It consists of a distorted

hexagonal-close-packed oxygen framework containing Li and Fe located in half

the octahedral sites and P ions in one-eighth of the tetrahedral sites [86]. The FeO6

octahedra, however, are distorted, lowering their local cubic-octahedralOh to the Cs

symmetry. Corner-shared FeO6 octahedra are linked together in the bc-plane; the
LiO6 octahedra form edge-sharing chains along the b-axis. The tetrahedral PO4

groups bridge neighboring layers of FeO6 octahedra by sharing a common edge

with one FeO6 octahedron and two edges with LiO6 octahedra. Remarkably short

O-O bonds at the shared PO4 and FeO6 edges help to screen the cation charges from

one another. This structure is illustrated in Fig. 7.3 showing the 1-D channels via

which the lithium ions can be removed. Corner-shared FeO6 octahedra are linked

together in the bc-plane, while LiO6 octahedra from edge-sharing chains along the

b-axis. The tetrahedral PO4 groups bridge neighboring layers of FeO6 octahedra by

sharing a common edge with one FeO6 octahedra and two edges with LiO6

octahedra.

The LiFePO4 structure consists in three nonequivalent O sites. Most of the atoms

of the olivine structure occupy the 4c Wyckoff position except O(3) which lies in

the general 8d position and Li+ ions occupying only the 4a Wyckoff position

(M1 site on an inversion center). The iron is in the divalent Fe2+ state in FeO6

units octahedra isolated from each other in TeOc2 layers perpendicular to the (001)

hexagonal direction [87]. In addition, the lattice has a strong two-dimensional

character, since above a TeOc2 layer comes another one at the vertical of the

previous one, to build (100) layers of FeO6 octahedra sharing corners and mixed

layers of LiO6 octahedra and PO4 tetrahedra.

On a fundamental point of view, the main interest lies in the fact that the olivine

structure generates geometric frustration of the magnetic interactions [92]. How-

ever, three olivine structure classes can be distinguished as a function of the site

4c Fe2+O6

4a LiO6

4c PO4

c

a

b

Fig. 7.3 Crystal structure of LiFePO4 olivine. Corner-shared FeO6 octahedra are linked together

in the bc-plane; LiO6 octahedra form edge-sharing chains along the b-axis. The tetrahedral PO4

groups bridge neighboring layers of FeO6 octahedra by sharing a common edge with one FeO6

octahedra and two edges with LiO6 octahedra
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occupation by magnetic ions. In Mn2SiS4 and Fe2SiS4, the magnetic ion (Mn, Fe)

lies in the M1 and the M2 site [93], while in NaCoPO4 and NaFePO4, the magnetic

ion lies on the M1 site only [94]. The third class is the phospho-olivine LiMPO4

(M¼Ni, Co, Mn, Fe) where the magnetic ion lies in the M2 site with the M1 site

occupied by the nonmagnetic ion (Li+).

We use the structural data determined by Streltsov et al. [86] as a standard

reference (Table 7.1). The orthorhombic unit cell of the olivine structure contains

28 atoms (Z¼ 4). Structural parameters and interatomic distances are listed in

Tables 7.2 and 7.3. Fe-O distances range from 2.064 to 2.251 Å. The Fe-Fe

separation in LiFePO4 is large (3.87 Å).
The LiFePO4 lattice consists of six oxygen atoms that surround the Fe 3d

transition metal atom in an octahedral environment. The primarily Oh local sym-

metry is decreases to Cs symmetry due to the split of the 3d levels into eg and t2g
states under the crystal field of oxygen. As shown in Fig. 7.4, the oxygen atoms can

roughly be grouped into axial (Oax) and equatorial (Oeq) types. The angle of Oax-Fe-

Oax is roughly 180�; on the plane perpendicular to the Oax-Fe-Oax, the O2FeO2

forms roughly a scissor structure. In the equatorial plane, the Fe-O bond length

Table 7.1 Lattice constants for stoichiometric LiFePO4 materials in the Pnma (62) structure

a (Å) b (Å) c (Å) Unit cell volume (Å3) Reference

10.332(4) 6.010(5) 4.692(2) 291.4(3) Herle [11]

10.334 6.008 4.693 291.39 Yamada [22]

10.329(0) 6.006(5) 4.690(8) 291.02 Geller [84]

10.31 5.997 4.686 289.73 Santoro [85]

10.3298 6.0079 4.6921 291.19 Andersson [92]

10.322(3) 6.008(1) 4.690(2) 290.8(4) Junod [93]

Table 7.2 Fractional

coordinates and site

symmetry of atoms in

LiFePO4 (Pnma S.G.)

Atom x y z Site symmetry

Li 0 0 0 1(4a)

Fe 0.28222 ¼ 0.97472 m(4c)

P 0.09486 ¼ 0.41820 m(4c)

O(1) 0.09678 ¼ 0.74279 m(4c)

O(2) 0.45710 ¼ 0.20602 m(4c)

O(3) 0.16558 0.04646 0.28478 1(8d )

Table 7.3 Interatomic distance (in Å) in LiFePO4 (Pnma S.G.)

Fe octahedron Li octahedron P tetrahedron

Fe-O(1) 1� 2.204(2) Li-O(1) 2� 2.171(1) P-O(1) 1.524(2)

Fe-O(2) 1� 2.108(2) Li-O(2) 2� 2.087(1) P-O(2) 1.538(2)

Fe-O(3) 2� 2.251(1) Li-O(3) 2� 2.189(1) P-O(3) 2� 1.556(1)

Fe-O(3) 2� 2.064(2)
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differs by as much as 0.2 Å, and the O-Fe-O angle is far from 90�. Remarkable

structural features include the short O-O distances in the PO4 tetrahedron, and that

three of the six edges are shared with the metal octahedral.

7.3.2 The Inductive Effect

Another aspect of tuning the redox potential of an electrode material has been

demonstrated by Goodenough et al. [1, 95] who have shown that the use of

polyanions (XO4)
n� such as (SO4)

2�, (PO4)
3�, (AsO4)

3�, or even (WO4)
2� lowers

3d-metals redox energy to useful levels compared to the Fermi level of the Li

anode. Thus, the most attractive key point of the polyanion frameworks can be seen

in the strong X-O covalency, which results in a decrease of the Fe-O covalency.

This inductive effect is responsible for a decrease of the redox potential in com-

parison to the oxides [95, 96]. The polyanion PO4
3� unit stabilizes the olivine

structure of LiFePO4 and lowers the Fermi level of the Fe2+/3+ redox couple through

the Fe-O-P inductive effect which results in a higher potential for the olivine

material. The discharge voltage 3.45 V is almost 650 mV higher than that of

Li3Fe2(PO4)3 [1]. It is also 350 mV higher than that of Fe2(SO4)3 [97], which is

consistent with the stronger Bronsted acidity of sulphuric vs. phosphoric acid. In

the case of Li2FeSiO4, the lower electronegativity of Si vs. P results in a lowering of

the Fe2+/3+ redox couple [98]. On the other hand, the higher thermal stability of the

Fig. 7.4 Schematic view of

the cation coordination in

the LiFePO4 olivine lattice.

There are three

nonequivalent oxygen

atoms noted O1 to O3. The

distorted FeO6 octahedron

lowers its symmetry from

Oh to Cs in the strong crystal

field of oxygen atoms
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phospho-olivines and their lower tendency to release oxygen is explained by the

strong X-O covalency and the rigid (XO4)
n� units decreasing the safety risks.

However, AMXO4 compounds and AM(XO4)3 as well (A is an alkali ion) exhibit a

very low electronic conductivity because of the separation betweenMO6 octahedra

and XO4 tetrahedra that induces a large polarization effect during charge–discharge

reaction [99]. Figure 7.5 illustrates the changes in redox energies relative to the

Fermi level of Li for the Fe2+/3+ and Vn+/(n+1)+ couples. For instance, the electro-

chemical insertion properties of lithium vanadium fluorophosphate, LiVPO4F,

indicate that the V3+/V4+ redox couple in LiVPO4F is located at a potential around

0.3 V higher than in the lithium vanadium phosphate, Li3V2(PO4)3 [99]. This

property characterizes the impact of structural fluorine on the inductive effect of

the PO4
3� polyanion.

7.4 Structure and Morphology of Optimized LiFePO4

Particles

We report in this section the typical results obtained on one of our samples, chosen

because it is representative of the product that is now used as a cathode element of

commercial LiFePO4 batteries.

7.4.1 XRD Patterns of LFP

The X-ray diffraction patterns of the carbon-free and carbon-coated samples are

shown in Fig. 7.6. The pattern of the carbon-free sample is characteristic of

LiFePO4. The introduction of carbon by spray pyrolysis generates a broad amor-

phous hump in the count baseline centered at about 2θ¼ 22� [7]. This broad peak
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Fig. 7.5 Energy of the redox couples of iron (left) and vanadium (right) phosphate frameworks

relative to the Fermi level of metallic lithium
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gives evidence of the amorphous nature of the carbon coat [100]. On the other hand,

the introduction of carbon by our process does not alter the crystallinity of the

LiFePO4 particles, which is evidenced by the crystalline peaks superposed on the

amorphous background. The position of the peaks are the same in both samples,

which means that the lattice parameters are unaffected by the carbon, a first

evidence that the carbon does not penetrate into LiFePO4. In addition, the width

of the XRD peaks is about the same in the two samples. According to Scherrer’s

law, this width is inversely proportional to the mean diameter d of the crystallites.

We can then infer that the size of the LiFePO4 crystallites, hereafter called primary

particles, is roughly the same in both samples. More precisely, the size of the

crystallites estimated from Scherrer’s law is 36 and 32 nm for the carbon-free and

the carbon-coated samples, respectively. There are two equivalent ways to index

the lines of the XRD, depending on the choice of space group Pnma or Pnmb and

therefore of what is called the a or the b axis. Both are listed in the X-ray Powder

Diffraction data files (88-2092, 40-1499) by the American Society for Testing

Materials (ASTM). We have chosen the notation corresponding to Pnma

S.G. (a¼ 10.33, b¼ 6.010, c¼ 4.693 Å). The only difference between the XRD

pattern of the carbon-free and carbon-coated samples is the relative intensity of the

Bragg peaks. The spectrum of LiFePO4 is dominated by the four (101), (111)

+ (201), (211) + (020), and (311) lines. Which one of the four lines has the largest

intensity is sample-dependent. It may be the (211) + (020) line as in the case of the

carbon-free sample (also the case reported in the ASTM file 40-1499) or it may be

Fig. 7.6 X-ray diffraction diagrams for (a) carbon-free and (b) carbon-coated LiFePO4 samples.

XRD lines are indexed in the rhombohedral system, Pnma space group. XRD features are

dominated by the four (101), (111) + (201), (211) + (020), and (311) lines. According to the

Scherrer analysis the particle size is estimated to be 36 and 32 nm for the CF and the CC samples,

respectively
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the (311) line as in the XRD pattern of the carbon-coated sample (also the case

reported in the ASTM file 83-2092 and in ref. [101]). These differences, however,

relate to the disorder of the Li; the common feature of all the LiFePO4 materials

investigated in the past is that these four lines have comparable intensities [102].

7.4.2 Morphology of Optimized LFP

The surface morphology of the LiFePO4 powders and the shape of the carbon coat

have been investigated by scanning electron microscopy (SEM) and high-resolution

transmission electron microscopy (HRTEM). Typical SEM images for the carbon-

coated sample are reported in Fig. 7.7a, b. The powders are composed of well-

dispersed secondary particles that are slightly agglomerated and show a small

quantity of fragments as displayed in the SEM images. The SEM observation

shows similar images at any part of the sample, which is homogeneous at a scale

large with respect to the area investigated. Figure 7.6a, b is then representative of

the secondary particle size distribution, and the average size is 200 nm. Each of the

secondary particles is made of a large number of small primary particles that

are observed by TEM. The TEM images for the carbon-coated sample are illus-

trated in Fig. 7.7c, d. They show poly-dispersed primary particles with a mean size

�90 nm, which is larger by a factor 3 than the average size of the monocrystallite

grains deduced from the application of the Scherrer’s law on the XRD pattern.

Therefore, the primary particles are polycrystallites of LiFePO4 made of a few (3 on

average) monocrystallites of LiFePO4. The amorphous carbon layer covering the

primary particles can be seen in the TEM pictures (Fig. 7.7c, d). In the micrographs,

the LiFePO4 crystallites appear as the darker regions while the carbon is surround-

ing the primary particles as the greyish region. An average thickness is estimated to

30 nm. The carbon film is highly porous, which results in an irregular coating of the

crystallites well-observed on the SEM and TEM images but the important point for

the electronic conductivity is that it connects the particles. To summarize these

results, the SEM and TEM images clearly depict a carbon layer coating the

LiFePO4 crystallites. XRD and HRTEM data are consistent [81].

7.4.3 Local Structure, Lattice Dynamics

Fourier transform infrared (FTIR) spectroscopy probes bulk properties [103, 104],

while Raman scattering (RS) spectroscopy is the tool to perform surface analysis

[105, 106]; for instance, the amount of carbon on LiFePO4 is too small to be

detected by FTIR, but it is well-characterized by RS experiments [23]. The vibra-

tional modes of LiFePO4 are primarily due to motion associated with phosphate and

iron the other modes show some lithium contribution [13, 107, 108].
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The FTIR spectra of the )samples are reported in Fig. 7.8. We have also reported

the position of the peaks intrinsic to this material, already identified in earlier works

[103, 104]. Let us recall that the spectra result from absorption measurements, so that

they are a probe of the bulk properties, and the amount of carbon in the powder is too

small to be detected by such experiments. This is the basic reason why the FTIR

spectra are characteristics of the LiFePO4 part. The position of all the IR bands is in

agreement with those listed in Table 1 in ref. [103]. No extra line is observed with

respect to pure LiFePO4. The bands in the range 372–647 cm
�1 are bendingmodes (ν2

and ν4) involvingO-P-O symmetric and asymmetricmodes and Li vibrations [108]. In

particular, the line at 230 cm�1 corresponds to the same cagemode of the lithium ions

that undergo translation vibrations inside the cage formed by the six nearest neighbor

oxygen atoms [109]. The bands in this range 372–647 cm�1 are thus the part of the

spectrum that is sensitive to the local lithium environment. This is also the part of the

spectrum that is the same in both the carbon-free and carbon-coated samples. We can

Fig. 7.7 SEM image (a–b) showing the shape of the secondary particles. There are slight

agglomeration and small quantity of fragments. Values of the grain size are given in nm. TEM

images (c–d) showing the amorphous carbon layer deposited onto the LiFePO4 crystallite
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then infer from this result that the lithium ions do not “see” the carbon ions, one other

evidence that the carbon did not penetrate inside the LiFePO4 particles. The part of the

spectrum in the range 945–1139 cm�1 corresponds to the stretching modes of the

(PO4)
3� units. They involve symmetric and asymmetric modes of the P-O bonds, at

frequencies closely related to those of the free molecule, which explains that the

frequencies of these modes are the same in both samples. However, the modes in the

carbon-free sample are significantly broader than in the carbon-coated sample. This

broadening gives evidence of a decrease in the lifetime of the phonons, and thus the

existence of defects breaking the periodicity of the lattice sites inside the LiFePO4

crystallites of the carbon-free sample. The analysis of magnetic properties in the next

section allows us to identify these defects as γ-Fe2O3 nanoparticles.

To explore the surface properties of the LiFePO4 particles, Raman spectra have

been measured; the penetration depth for carbon with Raman spectroscopy is

approximately 30 nm [107]. This is one order of magnitude larger than the thickness

of the carbon coat deposited at the surface of the LiFePO4 particles in case of a

uniform carbon distribution. Therefore, any screening effect of carbon on the

LiFePO4 spectra is not expected. The penetration depth inside LiFePO4 is

unknown, but it should be small, so that the detector in the Raman experiments

collects the signal within the light penetration depth, which basically represents the

total amount of carbon and a few per cent of the amount of LiFePO4. Since the total

amount of carbon is itself 5 wt% of LiFePO4, we can expect that comparable

amounts of carbon and LiFePO4 are probed by the sampling depth. This is

Fig. 7.8 FTIR absorption spectra of (a) carbon-free and (b) carbon-coated LiFePO4 samples.

Peak positions are marked (in cm�1). Infrared spectra were recorded on pellet of LiFePO4 powders

diluted into ICs matrix (1:300)
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confirmed by the Raman spectra reported in Fig. 7.9. The part of the spectrum in the

wave number range 100–1100 cm�1 is the same in the carbon-free and the carbon-

coated sample and only the lines characteristics of LiFePO4 are detected in this

range. The peak positions reported in Fig. 7.9 in this range are within a few cm�1

the same as those that have been reported in ref. [103], and we refer to this prior

work for their assignment. The largest difference is for the line at 395 cm�1, which

is reported at 410 cm�1 in ref. [108]. This line is associated with the PO4 bending

modes ν2, ν4 which are strongly coupled. However, we cannot consider this

difference as significant since all the other lines associated with PO4 have the

same position. This is the case in particular for the lines at 620, 940, 986 and

1058 cm�1 associated with ν4, ν1, ν3, and ν2 intramolecular stretching modes of

PO4, respectively. The only difference in this range of wave numbers is a shift of the

Raman lines by about 10 cm�1 towards lower frequencies in the carbon-coated

sample. This shift of the Raman lines is in contrast with the absence of any shift of

the FTIR lines, which gives evidence that it is a surface effect. This shift of the

Raman lines is attributable to the increase of the bonding length in the first layers of

LiFePO4 particles near the interface with the carbon, taking its origin in the strain

induced by the adhesion of the carbon film. For samples with a different mode of

preparation, carbon was reported to be responsible for a screening of the signal from

LiFePO4, so that only a weak band at 942 cm
�1 associated with LiFePO4 could still

be detected [105]. Again, such a screening is not expected for the reasons above

mentioned, and it is not observed in the present case.

Fig. 7.9 Raman spectra of the carbon-free and carbon-coated LiFePO4 samples. Spectra were

recorded using the 514.5 nm laser line at the spectral resolution 2 cm�1. RS features of the

LiFePO4 bulk material are screened by the carbon deposit for which the G- and D-band are

observed
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7.5 Magnetic and Electronic Features

7.5.1 Intrinsic Magnetic Properties

The magnetic interactions between Fe ions are antiferromagnetic superexchange

interactions of the form -Fe-O-Fe- and -Fe-O-P-O-Fe-, and well-crystallized

LiFePO4 is antiferromagnetic (AF), with a Néel temperature TN¼ 52 K [83, 85,

110, 111]. The topology of the AF order has been determined by neutron experi-

ments from which the magnetic interactions have been determined [112]. The

dominant interactions that fully account for this structure is the intralayer

superexchange Fe-O-Fe interaction J1, and two super-superexchange interactions

Fe-O∙∙∙O-Fe, namely an interlayer interaction J2 and an intralayer interaction Jb.
Other interactions envisioned in earlier works [113] turn out to be negligible. All the

interactions J1, J2 and Jb are antiferromagnetic, and their estimated value is [112]:

J1 ¼ �1:08 meV, J2 ¼ �0:92meV, Jb ¼ �0:4meV: ð7:1Þ

Interesting enough, this recent result shows that the FeO4 layers are strongly coupled

antiferromagnetically. This is in essence why the system undergoes a true transition

to three-dimensional antiferromagnetic ordering, while a 2D-magnetic system does

not order because of enhanced quantum spin fluctuations. In addition, the J2, Jb
cannot cause geometric frustration of the magnetic interactions, in contrast with

prior claims, because Jb is significantly smaller than J1. Therefore, for a pure

LiFePO4 sample, the magnetization curve M(H ) is simply linear in H. This case is
illustrated by the sample named B-10 in Fig. 7.10a. The magnetic susceptibility

satisfies the Curie–Weiss law in the paramagnetic regime, i.e., H/M varies linearly

Fig. 7.10 (a) Isothermal curves of the magnetic moment vs. applied magnetic field as a function

of temperature for A-type and optimized B-type LiFePO4 sample. Symbols are experimental data,

the straight continuous lines are guides for the eyes. (b) Temperature dependence of H/M
measured at H¼ 10 kOe for LiFePO4 samples. The best material (B-10) has the lowest Curie

constant 3.41 emu K mol�1. Insert shows the cusp at the Néel temperature TN¼ 52 K
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with temperature as it can be seen for this sample in Fig. 7.10b, and the effective

magnetic moment deduced from this Curie constant is μeff ¼ 5.22 μB, close to the

theoretical value 4.90 μB calculated from the spin-only value of Fe2+ in its high-spin

configuration [114]. The insert shows the cusp of the transition from antiferromag-

netic ordering to the paramagnetic range at TN¼ 52 K.

7.5.2 Effect of the γ-Fe2O3 Impurity

On the other hand, the magnetic properties of LiFePO4 samples may be different in

presence of impurities. The case is illustrated by the sample named sample A in

Fig. 7.10, with a magnetization curve that deviates strongly from a linear behavior

at low fields. This curvature is the signature of ferrimagnetic impurities [10, 109,

114] under the form of nano-sized clusters. In this case, the magnetization M(H ) is

the superposition of two contributions:

M Hð Þ ¼ χmH þ Mextrin: ð7:2Þ

The intrinsic part, χmH, is linear in the applied magnetic H and is just the contri-

bution of pure LiFePO4. The extrinsic component that is easily saturated in H is the

contribution of the ferrimagnetic nanoclusters, which can be estimated in a simple

superparamagnetic model [10]. It can be written under the form:

Mextrin ¼ Nnμ£ ξð Þ; ð7:3Þ

where £(ξ)¼ £(nμH/kBT ) is the Langevin function, N is the number of magnetic

clusters, and each cluster contains n magnetic ions of average moment μ. T is the

absolute temperature and kB the Boltzmann constant. At high fields, Mextrin satu-

rates to Nnμ, and is readily determined as the ordinate at H¼ 0 of the intersection of

the tangent to the magnetization curves at large fields.

As a result, we find that Nnμ does not depend significantly on temperature below

300 K. We are in the situation where the cluster magnetization is temperature-

independent, which amounts to say that the Curie temperature Tc inside the clusters
is much larger than 300 K, which identifies the clusters as ferrimagnetic maghemite

impurities (γ-Fe2O3). Since the value of μ for this material is known, it is then easy

to determine n from the fit of the Mextrin(H ) curve according to Eq. (7.3), and N

from the saturation value Nnμ. As a result, we find that the impurity clusters are

1 nm in size, and their concentration is a few tenths of a ppm. This is small, but it is

sufficient to alter the electrochemical properties, and the control of the synthesis to

obtain pure samples is crucial [10, 114]. Indeed, the 1-D Li channels make the

olivine performance sensitive not only to particle size but also to impurities and

stacking faults that block the channels. That is why it is crucial to get rid of this

impurity which takes its origin in the fact that iron prefers to be in the trivalent state.

This can be done by a synthesis of LFP in a reducing atmosphere like hydrogen. In a
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one step synthesis of carbon-coated LFP, the hydrogeneous gases coming from the

decomposition of the organic material chosen as the precursor of the carbon coat

does the job. Figure 7.10b shows the temperature dependence of the reciprocal

magnetic susceptibility of a series of A-samples with different concentrations of

impurities. The data reported in the figure are raw data H/M at H¼ 10 kOe,

measured with a SQUID magnetometer. At this large magnetic field, Mextrin is

saturate, so that M/H¼ χm+ (Nnμ/H ). The second term is responsible for the

deviation of the curves for the A-samples from the H/M ~ χm
�1 (T ) curve of sample

B in Fig. 7.10b.

Another means of investigation of the magnetic contribution of γ-Fe2O3 is

provided by the electron spin resonance (ESR). The derivative signals of the ESR

absorption spectra of a sample A are reported in Fig. 7.11. The EPR signal detected

in LiFePO4 in the absence of impurities is orders of magnitude smaller [83]. The

EPR signal is then attributed solely to the magnetic impurity, the reason why ESR

experiment is an efficient tool to determine its contribution [10, 109]. For

uncorrelated magnetic clusters, one expects a signal characteristics of a gyromag-

netic factor g¼ 2. At the frequency used in the experiments, such a signal is

centered at H¼ 3300 G. Indeed, this signal, already detected in other LiFePO4

samples that contained ferrimagnetic particles [10, 109], is also detected in the

present work and has a comparable shape. The structure at 3300 G has the same

width. Its integration allows us to derive the magnetization associated to the

impurity clusters, and thus their concentration, which is found to be consistent

with the analysis of the magnetization curves we have described above.

Fig. 7.11 Electron spin resonance spectrum for the carbon-free LiFePO4 sample at several

temperatures indicated in the figure. Note the unit is arbitrary, but it is the same one as in the

previous figure, so that the relative intensity between the spectra of the two samples is given by the

ratio of the ordinates between the spectra in the two figures
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7.5.3 Effect of the Fe2P Impurity

Other iron-based impurities have been identified in the olivine framework, includ-

ing Li3Fe2(PO4)3, Fe2P2O7, Fe2P, depending on the synthesis conditions [10, 13, 81,

114]. For instance, we have reported in Fig. 7.12 the H/M(T ) curve measured again

at 10 kOe for a different sample, which shows an abrupt change of the slope of the

curve near TC¼ 265 K. Since this is the Curie temperature of the ferromagnet Fe2P,

this feature identifies the impurity contained in this sample as Fe2P. The quantita-

tive analysis of the magnetization curve of this particular sample analysis of the

magnetic properties shows that the proportion of iron contained in this impurity is

Fe2P is 0.5 %. Data obtained on a pure sample and a sample containing Fe2O3

impurity are also reported for comparison.

Since Fe2P is metallic, its presence increases the electronic conductivity, but on

the other hand, it also decreases the ionic conductivity so that both the capacity and

cycling rates are degraded with respect to C-LFP. This is evidenced in Fig. 7.13 that

shows the Arrhenius plot of the electronic conductivity, σelec, of three LiFePO4

samples: an uncoated material without impurity, a Fe2P-containing uncoated sam-

ple, and a C-LFP. It is obvious that addition of either iron phosphide or carbon

enhances greatly σelec. For this reason, some authors have even intentionally

Fig. 7.12 Temperature dependence of the reciprocal magnetic susceptibility of different LiFePO4

samples. (a) optimized pure LiFePO4, (b) Fe2O3-containing sample, and (c) Fe2P-containing

sample
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introduced this impurity. However, this is detrimental to the electrochemical

properties for reasons that are discussed hereunder.

Figure 7.13 also shows that the carbon coating greatly enhances the electronic

conductivity of the LFP particles that allows high rate for the charge–discharge

process. The electrical conductivity of LFPwith Fe2P impurity is intermediate between

coated and uncoated pure LFP. This results explains why fanciful results for conduc-

tivity of LFP have been published by different authors that did not detect impurities in

their material because they failed to do the magnetic measurements that would have

detected them, in particular in samples that were supposed to be doped with different

metal ion elements, while the doping elements did not enter into the matrix but

segregated under the form of metallic impurities at the surface of the particles.

Figure 7.14 displays the electrochemical charge–discharge profiles of Li//LFP

cells cycled at room temperature with pure LiFePO4 and with Fe2P-containing

electrode material. It is obvious that at the rate 2C, the capacity retention decreases

significantly for the material containing few % of Fe2P. A close examination was

made for the detection of any iron dissolution that could occur after long-term

cycling. The analysis of iron species was investigated at the separator/lithium

(SL) interface by SEM cross-section (slice view) as shown in Fig. 7.15a, b. The

micrograph (Fig. 7.15a) obtained from evaluation of the earlier generation material

shows the presence of iron islands at the SL interface. Obviously, some iron

particles (or ions) migrate through the electrolyte from the LiFePO4 positive

electrode to the lithium negative. The net effect of this migration is a large decrease

in capacity retention of the Li//LFP cell. Figure 7.15b shows the post-mortem

micrograph obtained from tests with an optimized electrode in a Li cell with a

lithium foil negative. In this case, there is no iron detected at the SL interface, which
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remained intact after 100 cycles. These results show that the iron of the Fe2P

impurity dissolves into the electrolyte, which destroys the battery and shorten its

calendar life. Therefore, it is mandatory to get rid of this impurity, which can be

done by reducing the synthesis temperature to 700 �C.
The results we have reported for two impurities, namely γ-Fe2O3 and Fe2P

illustrates the necessity of adjusting the synthesis parameters in order to obtain pure

samples free of any impurity, and insuring a strict control of the structural quality of

the materials. Several physical methods were utilized to analyze the local structure

and the electronic properties of the phospho-olivine framework [115]. The quality

control of the product is the key to obtain high-performing LFP Li-ion batteries.
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Fig. 7.14 Electrochemical charge–discharge profiles of Li//LiFePO4 cells cycled at room tem-

perature. (a) with pure LiFePO4 and (b) with Fe2P-containing electrode material

Fig. 7.15 Post-mortem SEM images of the detection of iron species at the interface between the

separator and lithium metal anode. (a) Formation of iron islands at the interface when an earlier

generation of LiFePO4 cathode is used. (b) No iron was detected at the surface of Li foil when the
design of the LiFePO4 cathode was optimized
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7.5.4 Magnetic Polaron Effects

The intrinsic electrical conductivity of LiFePO4 is of a polaronic type, as in many

ionic compounds. The polaron in the present case is linked to the existence of Fe3+

ions that maintain the charge neutrality in presence of lithium vacancies. According

to the Mott formula, the conductivity σ(T ) is [116]:

σ ¼ c 1� cð Þ eυ

RkT
exp �2αRð Þexp �Ea

kT

� �
; ð7:4Þ

where c is the concentration of polarons per magnetic ion, i.e., the probability that

a Fe3+ ion can be found, so that c(c� 1) is the probability to find a Fe3+ ion with a

Fe2+ ion nearest neighbor at distance R to exchange the outer electron. The

wavefunction of the orbital of the tg# 3d-electron is represented by an exponential

with a rate of decay α, so that the first exponential proportional to the square of

the wave function is the probability of jumping of the electron (hole). Ea is the

activation energy, i.e., the energy barrier that the electron (hole) has to overcome to

jump, and ν is an atomic frequency. For iron ions, α¼ 1.5 Å�1, R¼ 3.87 Å,
ν¼ 10�15 Hz. After Fig. 7.13, Ea¼ 0.6 eV. It is then straightforward to determine

c from the fit of the experimental curve of pure uncoated LFP in Fig. 7.13 with

Eq. (7.1), to find c¼ 3� 10�3 [117].

In the conduction process, an electron jumps from a Fe2+ site to a neighboring

Fe3+ site. This electron is the tg# 3d-electron of Fe2+ since it is in the high spin

multi-electronic state (tg")3(eg")2tg#, while the state of lowest energy for Fe3+ is the
high spin multi-electronic state (tg")3(eg")2, as shown in Fig.. 7.16a. The “up” and

“down” symbols refer to a majority spin direction. In band structure calculations

Fig. 7.16 (a) Small magnetic polaron in LiFePO4. The hopping process is illustrated in (a). The
tg# “hole” on the Fe3+ site 1 is shifted to a neighboring iron site 2 by transfer of one tg# electron

from site 2 to site 1. (b) The indirect exchange interaction is responsible for the spin-polarization

of the iron ions inside the electronic tg# “hole” wave function (in the direction opposite to that of

the tg electron)
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performed in the ferromagnetic configuration [118], this is simply the direction of

the spontaneous magnetization. Indeed, in the range of temperature where the

electronic conductivity is measured, LiFePO4 is paramagnetic; it orders only at

52 K, and yet in the antiferromagnetic phase. It is not very important as far as the

electronic structure is concerned, because the magnetic exchange energy is negli-

gible with respect to the Coulomb energy in this ionic material. But of course, this

difference is crucial when one is concerned with magnetic properties. In a para-

magnetic configuration, this majority spin direction has to be taken in the Hartree–

Fock sense, i.e., as the direction of the local magnetic moment carried by one iron

ion resulting from the uncompensated moment of the electrons that occupy the 3d-
shell of the ion under consideration. Therefore, the tg# electron of one Fe2+ ion on

site i is spin-polarized in the direction opposite to the local spin S
!

i carried by the

iron ion on site i. In a hopping process, this electron jumps by tunneling effect on

nearest neighboring (nn) Fe3+ ion on site j in the initial state (tg")3(eg")2 to make it a

Fe2+ in the final state (tg")3(eg")2tg#. But in this final state, the spin polarization

refers to the direction of the spin S
!

j carried by the iron ion on site j. This hopping,
illustrated in Fig. 7.11a is thus possible only if both iron ions on site i and j are spin
polarized in the same direction, due to the Pauli principle. Therefore, the hopping

process that couples iron ions at nn sites i and j generates a nn indirect exchange

between S
!

i and S
!

j that is ferromagnetic. As a consequence, the spins of the central

ion of the polaron and the neighboring iron ions should be spin-polarized. The result

is that the moving electron must carry with it not only its distortion cloud but also its

spin-polarization cloud, as shown in Fig. 7.11b. This kind of magnetic polaron is a

pseudo-particle called a ferron [119]. In usual semiconductors, its formation

involving localization of the electron orbital requires a much stronger indirect

exchange interaction than expected here. Even in rare earth compounds, the mag-

netic polaron is actually bound to a donor (or acceptor), owing to the additive

effects of the Coulomb attractive potential and the indirect magnetic exchange

potential well. This is the bound magnetic polaron. There is, however, an important

difference between the bound magnetic polaron we have investigated in the past,

and the present case. Prior studies of magnetic polarons concerned nonionic

materials with important indirect exchange interactions, in which case the magnetic

polaron may have tremendous effects on electronic transport properties [120], and

the effective magnetic moment μpol carried by a magnetic polaron can be large

[119]. Here, the orbital of the excess charge carrier is strongly localized by the

distortion of its surroundings, because the material is ionic. The consequence is that

the contribution of the indirect exchange interaction to the activation energy is

negligible, so that the spin-polarization process does not significantly influence the

transport properties. The other consequence, closely linked to the previous one, is

that the magnetic moment associated to the spin-polarization of the cloud is small,

because the orbital is much more localized than in nonionic compounds so that only

the neighbors of the central polaron site can be spin-polarized. The actual moment

depends on how many neighbors the excess carrier can spin-polarize. A reasonable

approximation is to take into account the neighbors that are effectively
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magnetically coupled to a given iron ion in the lattice. These magnetic interactions

according to Eq. (7.1) are the four Fe ions coupled by the intra-layer Fe-O-Fe

interaction J1, the two ions coupled by an interlayer interaction J2 super-super

exchange interactions Fe-O∙∙∙O-Fe, and the two ions coupled by an intra-layer

interaction Jb. The number of neighboring Fe2+ ions spin –polarized by the excess

carrier centered on an Fe3+ site should then be 8 in total. Since the spin of the central

Fe3+ ion is S¼ 5/2 and the spin of the nn Fe2+ ions is S¼ 2, we expect the macro-

spin associated to the polaron to be Spol¼ 5/2 + 8� 2¼ 18.5, hence a magnetic

moment μpol¼ gSpol¼ 37 in Bohr magneton unit (we take μB¼ 1 throughout this

work), while μ(Fe2+)¼ 4.9 μB. This moment can be detected by magnetic measure-

ments. In the paramagnetic regime where the Curie–Weiss law is satisfied, the

Curie constant per magnetic ion C¼ μeff
2/(3kB) will be the sum of the intrinsic

contribution of LiFePO4 plus the contribution of the polarons, so that:

μeff
2 ¼ 1� cð Þ μ Fe2þ

� �� �2 þ c μ pol

� �2 � 4c μ Fe2þ
� �� �2

; ð7:5Þ

where c is the concentration of polarons (i.e., the concentration of Li vacancies) per
iron ion. The last (negative) term in Eq. (7.5) comes from the fact that the

contribution of the four Fe2+ involved in the polarons have their contribution

included in the μpol term, so that they must be subtracted from the contribution of

the intrinsic contribution from the host (first term). The experimental effective

moment μeff can be deduced from the slope of the χ�1(T ) experimental curve in

the paramagnetic regime where the Curie–Weiss law is satisfied:

χ ¼ C= T � θð Þ;
C ¼ μeff

2= 3kBð Þ: ð7:6Þ

In pure samples that do not contain any impurity, the magnetic susceptibility χ is
defined unambiguously since M is linear in H. For samples that contain a residual

concentration of magnetic impurity, like for the samples B in Fig. 7.10 for instance,

the susceptibility χ entering Eq. (7.6) must be defined as the slope of the magne-

tization curves M(H ), i.e., χ¼ dM/dH measured at H¼ 10 kOe, not to be confused

with the ratioM/H reported in Fig. 7.10b. At this large magnetic field, the superpar-

amagnetic contribution of the impurity phases to M is saturated to Mextrin (see

Eq. 7.3), so that the impurity phases, if any, do not contribute to χ [10]. The

experimental value of μeff we have found for our carbon free sample is μpol¼ 5.3 μB.
That is in excess with respect to the intrinsic value μ(Fe2+)¼ 4.9 μB expected for the
pure stoichiometric sample, because of the contribution of the polarons. Using this

value in Eq. (7.1) and (7.5), we find, for c¼ 3� 10�3 in quantitative agreement with

the value determined from the analysis of the elec. The description of the optical,

electronic, and magnetic properties of LiFePO4 is then fully self-consistent. The

indirect exchange interaction is responsible for the spin-polarization of the iron ions

inside the electronic tg# “hole” wave function (in the direction opposite to that of

the tg electron), as it is illustrated in Fig. 7.16b. As the charge in excess hops from
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site to site, it brings with it not only a local lattice deformation cloud associated to

the Coulomb potential but also its spin-polarization cloud.

We have already mentioned that a magnetic polaron is formed by a Li vacancy, so

that c is also the concentration of Li vacancies that almost always exist in LFP,

whether it is carbon-coated or not. We systematically find μeff in the range 5.1–5.3,

depending on the sample. Themagnetic susceptibility associated to the carbon itself is

negligible, so the excess in the effective magnetic moment with respect to the value

4.9 observed only in stoichiometric samples is the same as in the carbon-free sample

and has the same origin, namely a proportion a few 10�3 of Li vacancies. In the

carbon-coated sample, the electronic conductivity through the powder product is

insured by the carbon and not by the small polarons, with the consequence that is no

longer possible to detect the small polarons by transport experiments. In this latter

case, only magnetic measurements reveal their existence, by the excess in μeff. We

already know that the hydrogen contained in the organic additive has a reducing power

on iron that prevents the formation of impurity phases including Fe2O3, Fe2P, and

Li3Fe2(PO4)3. But the fact the μeff is the same whether the synthesis has been made

with orwithout this organic compound now gives the proof that the organic compound

has no effect on the native defects at the origin of the presence of a small proportion

c¼ 3� 10�3 of iron in the trivalent state. This result is consistent with the idea that the

native defects are not be related to iron itself, but are related to Li vacancies.

7.6 Carbon Coating

To increase the electronic conductivity, it is a common practice in the production of

Li-ion battery electrodes, to add carbon, not only to add carbon to the LiFePO4

matrix [3] but also by surface coating of LiFePO4 particles with a thin layer of

carbon [5, 6]. A seven-order-of-magnitude increase in the electronic conductivity

has been reached by adding sucrose to produce carbon in LiFePO4 raw materials by

a spray pyrolysis technique [7] (see also Fig. 7.13). The addition of carbon has then

the advantage of combining much better electronic conductivity, and thus high rate

capability, and high capacity. In particular, a capacity of about 160 mAh g�1 has

been found for LiFePO4 coated with 1 wt% carbon [81]. Ravet et al. [5, 6] reported

two ways to coat carbon: (1) mixing LiFePO4 powder with sugar solution and

heating the mixture at 700 �C, and (2) synthesizing LiFePO4 with some organic

materials added before heating. Although the way to add carbon is not fully

optimized yet [6], the approach that consists in adding a carbon source at the

beginning of the synthesis whenever it is possible is thought being more promising

[6–8]. In the case of hydrothermal synthesis, however, the sintering temperature is

too small to obtain a conductive carbon coat and a two-step process is inevitable, in

which the carbon coating is made at a sintering temperature of 700 �C. Recently,
Zaghib et al. [117] demonstrated that better performance was obtained at high-rate

discharge (3C) with 6 % carbon additive in the LiFePO4 electrode. This material is

suitable for HEV application.
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7.6.1 Characterization of the Carbon Layer

To explore the surface properties of the LiFePO4 particles, Raman spectroscopy

proved to be a powerful tool [24, 121, 122]. Two broad lines at 1345 and 1583 cm�1

are found in the carbon-coated sample only, as can be seen in Fig. 7.17. These broad

lines are a fingerprint of amorphous carbon films. Since they constitute protective

optical or tribological coatings [123], a tremendous amount of work has been

devoted to amorphous carbon films deposited by a wide variety of methods.

Different methods affect both local the bonding and intermediate-range order, so

that they lead to a wide variety of films, including amorphous diamond, hydroge-

nated “diamond-like” carbon, and plasma polymers. All these films have in com-

mon the existence of these two broad lines in the Raman spectra. The structure at

1583 cm�1 mainly corresponds to the G-line associated with the optically allowed

E2g zone-center mode of crystalline graphite. The structure at 1345 cm�1 mainly

corresponds to the D-line associated with disorder-allowed zone-edge modes of

graphite. The exact position of the structures in amorphous films depends on the

probe-laser wavelength [123–126], so that a quantitative comparison between

spectra in the literature is possible only between experiments using the same

wavelength. Tamor and Vassell [127] have compared Raman spectra of nearly

one hundred amorphous carbon films obtained with the same probe-laser wave-

length (Ar-line) as the one we have chosen.

Fig. 7.17 Fit (thick line) showing the deconvolution of the Raman spectrum by Gaussians (thin
lines, identified by their position) of the D and G carbon structures of the Raman spectrum of the

carbon coated LiFePO4 sample
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First of all, we note that the Raman spectra of hydrogen-free carbon films can be

distinguished from those of hydrogenated films by an additional broad feature

centered at 600 cm�1 [128]. Since this structure never exists in hydrogenated

carbon and always exists in hydrogen-free films, this criterion is considered to be

robust [127]. In the present case, this structure is not observed. Therefore, the

carbon is hydrogenated, which is actually not surprising, since the preparation

process involved different organic additives. As we shall see, however, the amount

of hydrogen is only small. Second, the spectrum is characteristics of amorphous

graphitic carbon, meaning that the carbon atoms are essentially three-coordinated

and bound by sp2-type hybrid orbitals, in opposition to diamond-like carbon

[128]. This result explains why the carbon coating was found to be efficient to

increase the electronic conductivity in our material, since the graphitic carbon is the

only carbon type that can be conductive. We report hereunder a more complete

analysis of the D and G bands since they have been recognized as predictive of the

structural as well as physical properties [128]. In particular, a comprehensive study

to relate the D and G features in the Raman spectrum to the structure of the

disordered graphitic films can be found in ref. [129], while the relation to the

physical properties can be found in ref. [127].

The analysis of the D and G lines in such films is always done by fitting the

Raman curves in the region from 1000 to 2000 cm�1 with Gaussians. The number

of Gaussians varies from two [127] to four [105]. In our case, we found that the

deconvolution of the Raman spectra with two Gaussians (one for the D-line, one for

the G-line) did not give good results, and four Gaussians were necessary to account

for the Raman spectra. The result of this fit is shown in Fig. 7.16 and Table 7.4. The

band at 1569 cm�1 can be assigned to the Eg mode of graphite while the very broad,

dominant band centered at 1378 cm�1, which extends over the entire spectral range

of carbon vibrations, is the disorder-induced peak characteristic of highly defective

graphite. If two Gaussians only are used in the fitting procedure, those are the only

structures identified. Among the two extra structures identified in the fit of the

spectra by four Gaussians, the band at 1612 cm�1 is typical for severely disordered

carbonaceous materials [130, 131]. The origin of the other line at 1344 cm�1 is

more questionable. Such a line has been observed in the Raman spectra of polypara-

phenylene (PPP)-based carbon prepared at heat-treatment temperatures below

750 �C [132]. For this PPP-based carbon, this line was attributed to a quinoid-like

inter-ring stretching mode due to a contraction in inter-ring bond length as the PPP

chains are converted into graphitic ribbons, or to a “bridging” of the aromatic rings

along the chain by more than one C–C bond [132]. The initial idea that this line was

Table 7.4 Parameters of the Gaussians which fit the G and D lines of the Raman spectrum

Raman band Position (cm�1) Amplitude Width (cm�1)

D-band 1343.7 14.6 107.4

1377.7 44.1 347.6

G-band 1569.4 26.7 99.4

1612.7 22.9 64.6
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related somehow to the nature of the initial polymer comes from the fact that it is

not observed in PPP-based carbon films heated at higher temperatures (T> 750 �C),
which suggests the reminiscence of some PPP domains at lower temperature.

However, the fact that the same peak is observed in carbon films prepared by

pyrolyzed photoresists and now in our C-LiFePO4 shows that it is not related to the

existence of PPP and should be related to some aromatic rings preferentially

formed, irrespective of the original polymer, in the course of the conversion of

the carbon into disordered graphite. The fact that the original polymer is

unimportant is also evident by the fact that the peak has been observed in many

pyrolyzed photoresists, irrespective of the pyrolysis temperature, which could be as

high as 1000 �C [105].

7.6.2 Quality of the Carbon Layer

Let us now analyze the other parameter of interest to characterize the carbon film,

namely the intensity of the Raman lines. The ratios of the Raman intensities,

defined as the integral of the Gaussians in Fig. 7.17 and Table 7.4, are I1343.7/
I1377¼ 0.102, and I1569/I1612¼ 1.789. If we compare these intensities with the

values determined for pyrolyzed photoresists [105], we find that the carbon coating

of LiFePO4 has the Raman spectrum of a carbon film deposited on silicon wafers by

spin coating and then pyrolyzed at a temperature in the range 800–860 �C. The
remarkable result is that our carbon film in the present case has been obtained by

heating at 700 �C only. This temperature difference is critical for the electric

conductivity of the carbon film since a pyrolyzed carbon sheet is highly resistive

when the carbon film has been prepared at a pyrolysis temperature Tp¼ 700 �C; the
resistivity decreases dramatically for higher pyrolysis temperatures to reach a sheet

resistivity of 10Ω-per-square at Tp¼ 1000 �C. We can then expect, on the basis of

the Raman spectra, that the conductivity of the carbon in the carbon-coated

LiFePO4 is comparable to that of the carbon deposited by pyrolysis at 850 �C,
which means reasonably good electrical conductivity. It explains the successful

increase in the electronic conductivity that has been reported in the literature for

carbon-coated LiFePO4. Incidentally, it shows that if the efficiency of the carbon

coating process on LiFePO4 would not have been improved with respect to the

pyrolysis technique, the result would have been a total failure because it is not

possible to heat LiFePO4 above 800
�C without damaging the material, resulting in

the growth of inclusions of different chemical compositions as mentioned earlier in

this work.

The width of the G-line at 1569 cm�1 is 99.3 cm�1, characteristic of hydrogen-

free amorphous carbon layers and markedly larger than the width of this line in the

hydrogenated amorphous carbon(a-C:H) [128]. This result gives evidence that

although there is some hydrogen in the carbon deposited on LiFePO4 the H/C

ratio is very small. This is actually consistent with the fact that the dramatic

increase in the electronic conductivity after pyrolysis at temperatures above
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700 �C is due to a decrease in the H/C ratio [105]. Since the Raman spectrum is that

of pyrolyzed carbon obtained at a significantly higher temperature of 800–860 �C,
the ratio H/C must be the same, i.e., small. For the same reason, we expect the

hardness of the carbon deposit is comparable to that of a-C films. However, the

carbon films investigated in the literature are thick, so that the hardness is an

intrinsic property that does not depend on the substrate. The average thickness of

the carbon coat is in the range 3–5 nm at is can be seen in Fig. 7.18. This thickness is

not large enough to guarantee that the adherence on the LiFePO4 particles does not

quantitatively affect the hardness of the a-C film since the strain interactions are

long range, but it is large enough to insure that the order of magnitude of the

hardness is unaffected. Although the hardness of the a-C:H films increases from

0 up to 20 GPa when the G-line width increases from 50 to 80 cm�1, the hardness of

a-C films with a G-line width 100 cm�1 is just in the middle, namely 10 GPa

[127]. This hardness can be considered small. For instance, hardness up to 80 GPa

has been reported for “diamond-like i-C” carbon-films. We therefore take the

hardness of the carbon deposited on the LiFePO4 to be small. This is actually

expected, especially as the substrate on which the carbon is deposited is not flat as in

the case of silicon wafers, but is the bent surface of nanoparticles. We can even

consider that this a-C structure chosen by the carbon is an example of self-

adaptation to allow for an adhesion on such a surface, which would be impossible

with a strong hardness.

The D/G intensity ratio has been used in the literature to determine the size of the

graphite particles in polycrystalline carbon. Some extension has often been made to

use the same relation to determine the correlation length of the graphitic order. This

extension is, however, a confusion already outlined in ref. [130]. The D/G intensity

ratio gives the size of particles in the absence of any disorder and should not be

confused with the loss of long-range order in amorphous materials. In disordered

carbon, the information on the disorder is provided by the optical gap, according to

the Robertson and O’Reilly law, which allows for an estimate of the number of

carbon rings inside a local cluster [133]. In particular, the simultaneous study of

Fig. 7.18 HRTEM of carbon-coated LFP particles synthesized by hydrothermal method. The

carbon coating, ~2-nm thick was realized using the lactose route
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both the optical gaps and the Raman D/G ratio has revealed contradictions that

show the D/G intensity ratio is determined by factors other than the graphitic cluster

size in amorphous carbon [133]. This point is sometimes missed, and we can find

recent analyses on C-LiFePO4 that postulate that a decreasing D/G intensity ratio is

related to the carbon disorder. In this same analysis, it is postulated that a decreas-

ing D/G intensity also means decreasing sp3/sp2 ratio. This is not justified either,

and it is not possible to evaluate the content of sp2- and sp3-coordinated carbon in a
material that is dominantly graphitic because the intrinsic Raman intensity of the

graphite spectrum is 50 times that of the diamond spectrum. Therefore, Raman

spectroscopy is a sensitive tool to detect residual sp2 bonds in diamond, but it is not

a reliable test of the presence of sp3 bonds in a dominantly graphitic carbon [127,

128]. In the carbon-coated samples investigated in this work, we did not investigate

the optical gaps, but we note that the width (not the intensity) of the Raman lines is

related to the degree of carbon disorder, which shows that in the present case, the

carbon is amorphous. We do not know the sp3/sp2 ratio, but we know that the

amount of sp3 is small. In addition, this is always the case for disordered carbon.

Even in diamond-like carbon films, the percentage of tetrahedral carbon is small

[105]. In the present case, however, the percentage should be even smaller than in

most cases because the position of the D and G lines are quite close to those of

graphite. A bending of a graphite sheet is expected to induce some sp3 character
into the sp2 bonds, which are planar. Therefore, the small amount of sp3 gives

evidence that the bending is small, i.e., that the radius of curvature is large at the

scale of the bond length. This is consistent with the HRTEM images in Fig. 7.18,

which show that the carbon coats the secondary particles with a typical radius of

100 nm and does not penetrate into the LiFePO4 particles [41].

7.7 Effects of Deviation from Stoichiometry

In the previous section, we have found that a very small Li deficiency results in the

formation of Li vacancies, with the conversion of Fe2+ in Fe3+ to maintain the

Coulomb charge neutrality giving rise to the magnetic polaron. We thus have a

solid solution Li1�xFePO4 where x is simply the concentration of magnetic polarons

we had called c in this section. This, however, is true for a very small value of

x¼ 0.003, which was the case explored above. For significantly larger values of x,
the situation will be different (Fig. 7.19) because we have already mentioned that

the delithiation processes in a two-phase system at temperatures of interest, which

means that solution is no longer stable above some critical value ε of x that is larger
than 0.003. The case x 0.003 has been explored in ref. [134] by decreasing the

amount of Li precursor in the synthesis process. Both inductive coupled plasma

spectroscopy (ICP) and the Rietveld refinement of the XRD have shown that the

chemical composition of the Li-deficient samples is Li1�2xFexFePO4 or, in closed
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form, Li1�2xFe1+xPO4, which identifies the defect generated by the Li-deficiency as

the complex:

Fe • Li þ V0
Li; ð7:7Þ

in Kr€oger–Vink notation, in the range of x values 1� x� 6 % [134]. This is a

neutral defect with an iron on a Li site, and a Li vacancy for charge compensation.

The iron on Li site has also been observed in a synthesis of the material by

hydrothermal process below 200 �C [135, 136]. The formation of the solid solution

Li1�2xFe1+xPO4 is confirmed by the linear variation of the volume of the unit cell of

the lattice with x. This sets an upper limit of 1 % for ε, in agreement with other

estimates of this limit of stability for the solution Li1�xFePO4 [137]. At x	 1 %,

this solution is unstable with respect to the solid solution Li1�2xFexFePO4. In the

delithiation process starting from LiFePO4, the Li1�2xFexFePO4 solution cannot be

formed because the heavy iron ion cannot move on a Li site, and in this case a

two-phase system is preferred. Yet the limit of solubility for the complex defect is

6.8 %. For larger deficiencies, the ICP and XRD analyses shows a decomposition in

Li1�2xFe1+xPO4 with x¼ 6.8 %, and a Fe3(PO4)2 impurity, known as

sarcopside [134].

Fig. 7.19 Ternary phase diagram of off-stoichiometric LiFePO4. The composition moves toward

three directions such as A for Li/P excess, B for Li excess only, and C for Li deficient
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On the other hand, an excess of lithium does not result in the formation of any

solid solution. Instead, it results in the formation of Li3PO4. This impurity has been

detected by XRD, ICS, and also indirectly by magnetic measurements, because

Li3PO4 has a magnetic contribution that is negligible with respect to LiFePO4 so

that the amount of Li3PO4 can be quantified by the measurement of the deficit in

magnetization [134]. In addition, the lattice parameters of LiFePO4 and the volume

of the unit cell are independent of the amount of Li in excess, which is another proof

that the Li in excess does not penetrate into the LiFePO4 matrix, and simply forms

Li3PO4 at the surface, and even form a Li3PO4 coating of the LFP particles. This

difference between excess and deficiency of lithium implies that the energy of

formation of the antisite defect iron on Li site is small, while that of Li on iron site is

large so that this defect cannot be formed during the synthesis process so that the Li

in excess can only precipitate under the form of Li3PO4.

The effects of an excess and a deficiency of lithium on the electrochemical

properties are also very different. They are shown in Fig. 7.20.

The capacity falls dramatically with x in Li1�2xFexFePO4, because one iron

ion on a Li site blocks the whole Li channel in which it is located, and thus prevents

all the Li+ ions in this channel from contributing to the electrochemical process.

On the other hand, in the case of Li excess, the Li3PO4 component simply does

not participate to the electrochemical process. It just acts as an inert mass since

the capacity is found equal to that of the LiFePO4 part in LiFePO4 + xLi3PO4.

Sometimes, the deposition of a thin film of Li3PO4 is even made on purpose to

protect the active particles. Recently, very thin films of Li3PO4 have also been

deposited onto thin film Si anodes and it was found that these layers effectively

suppress the SEI formation and dramatically improve the cycle performance of Si

film anodes [138].

Fig. 7.20 Left: Electrochemical charge/discharge curves (second cycle) of LFP samples with Li

deficiency defined by Li1�2xFexFePO4. Right: The same for LFP samples with Li deficiency

defined by LiFePO4 + xLi3PO4
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7.8 Aging of LFP Particles Exposed to Water

It has been well-known for decades that all the lithium-ion batteries need to be

protected against humidity. The main reason is that lithium is very reactive with

water according to the chemical reaction:

Li þ H2O ! LiOH þ ½ H2: ð7:8Þ

Lithium hydroxide (LiOH) is a corrosive alkali hydroxide. When crystallized, it

is a white hygroscopic material. It is also soluble in water, a property that has been

used to investigate aqueous lithium hydroxide as a potential electrolyte in Li-ion

batteries with a LiFePO4 cathode. Since the carbon coat is not a barrier for Li+-ion

transport (the reason for the success of C-LiFePO4 as a cathode element of Li-ion

batteries), we expect the reaction (7.8) to be effective, implying extraction of Li

from the LiFePO4 to interact with water. We have shown that this delithiation is the

only effect that is observed after exposure to H2O in air; moreover, it affects only

the surface layer of the particles [139]. When a C-LiFePO4 powder is dropped into

water, part of the carbon that links the particles unties and floats to the surface,

retaining with it some of the particles, while the major part sinks. In the present

work, we investigate the effect of water on carbon-coated LiFePO4 particles and

analyze both the particles that have sunk and the floating part. We report that the

water attacks the particles and that the carbon coat is not a protection because it

detaches and is not watertight. We find that Fe is not the only element that reacts

with the water, which contains also P and Li species after immersion of the

LiFePO4. A strong interaction between LiFePO4 with H2O molecules was not

necessarily expected. After all, “parkerization” of iron is an industrial process

that amounts to dropping iron into a hot bath with manganese phosphide, which

results in the formation of a thin layer of FePO4 at the surface. Since iron phosphate

is hydrophobic, this layer protects the iron against oxidation and corrosion. Intui-

tion would then have suggested that, upon immersion of LiFePO4 in water, a

delithiation in a thin layer at the surface would lead to the formation of a FePO4

layer that would protect the particles against any other damage. Our investigations,

however, show that the situation is slightly more complicated. Porcher et al. [140]

have determined that the exposure of C-LiFePO4 particles to water after some time

results in the formation of a thin layer of Li3PO4 (few nm thick) at the surface of the

particles as a result of migration of Fe into the water.

7.8.1 Water-Immersed LFP Particles

A series of LFP particles synthesized by solid-state reaction (SSR) and hydrother-

mal method (HTR) were characterized before and after immersion in water, using

various techniques: XRD, Raman spectroscopy, magnetic measurements and

238 7 Polyanionic Compounds as Cathode Materials



voltammetry. Zaghib et al. [139] reported the hygrometry of LiFePO4 and its

consequence on the aging of the electrochemical performance of this material

upon exposure to the moisture of ambient atmosphere at the scale of a few months.

Magnetic measurements have been used to detect surface effects [69]. After

immersion in water, the magnetic moment μeff of the sinking part increases by

0.04 μB in both SSR and HTR samples to reach μeff¼ 5.42 and 5.40 μB, respec-
tively. These values of the magnetic moment are obtained very rapidly. For

technical reasons, the shortest time in which the samples have been investigated

is 15 min, where this limit for μeff was already achieved. The magnetic moment

stays at this value even when the samples stay in water for longer times (up to 1 h).

This increase of μeff in the short time limit is the signature of an oxidation of iron

from Fe2+ to Fe3+ at the surface of the samples, the evidence of a delithiation of the

surface layer. Quantification of this effect shows that the thickness of the delithiated

surface layer is ~3 nm.

The voltammetry measurements of the SSR and HTR samples (sinking part)

after immersion for 1 h in water are reported in Fig. 7.21. In these measurements, an

initial 3.2 V working potential is applied. Then, the voltage was varied at the rate

1.25 mV per minute, as shown in the figure: a voltage increase up to 4 V is followed

by a decrease to 2.2 V and an increase again up to 3.2 V. Besides the peak

associated with Fe2+, the part of the curve obtained by decreasing the voltage

shows a secondary peak at 2.63 V that is characteristic of the Fe3+ in iron oxide

(versus more than 3.5 V in phosphate) [56]. The presence of Fe3+ ions in both SSR

and HTR samples confirms the delithiation of the surface layer evident in the

previous sections. On the other hand, upon increasing the voltage again, this signal

disappeared, which shows that the voltammetry curve of the samples before

exposure to H2O was recovered. Therefore, the surface layer was lithiated again

during Li insertion, and the effect of immersion in water was reversed.

Fig. 7.21 Electrochemical performance of the C-LiFePO4 (HTR sample)/LiPF6-EC-DEC/Li cells

at room temperature. The results are shown before immersion of this sample in water, and after

immersion during 63 h, then dried during 48 h at 85 �C
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7.8.2 Long-Term Water-Exposed LFP Particles

The same effect holds true for longer immersion times of a few days. In the

following experiments, the samples were immersed during 63 h. Then, the samples

were dried for 48 h at 85 �C [139]. The open-circuit voltage (OCV) decreased by

2.3 % on immersion in water. Since the OCV is directly related to the state of

charge of the battery, it can be viewed as an indirect measurement of the

delithiation rate of the battery. Indeed, this result is fully consistent with the 4 %

delithiation rate deduced from the magnetization measurements, and the 1 and 3 %

loss of Fe and P, respectively, during the immersion process, as estimated from the

physical and chemical analyses. These results also confirm that the delithiation

process is located in the surface layer. The effect of H2O on the electrochemical

properties was also evaluated by exposure of the sample to ambient air. This effect

is illustrated for the HTR sample in Fig. 7.22, which shows the change of the

capacity as a function of time at different temperatures in dry atmosphere and in

ambient air (55 % relative humidity).

Fig. 7.22 Capacity of the C-LiFePO4 (HTR sample)/LiPF6-EC-DEC/Li cells as a function of time

spent in dry atmosphere and in ambient atmosphere (55 % relative humidity), at three different

temperatures. The temperatures at which the full curves (in dry atmosphere) have been obtained

(in color in the web version) can be distinguished by the fact that they do not overlap, and the

property that the lower the temperature, the higher the capacity is
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7.9 Electrochemical Performance of LFP

7.9.1 Cycling Behavior

Here, we present an overview of the high-temperature performance for an opti-

mized LiFePO4 sample, i.e., carbon-coated (C-LFP). The coffee-bag cell was

charged and discharged at C/8 for the first cycle followed by 12 cycles at C/4
with 1 h rest before each charge and discharge. This high-temperature test was

made at 60 �C, which is the appropriate condition to investigate possible iron

dissolution in nonaqueous electrolytes. Figure 7.23 shows the XRD patterns of

the new generation of C-LFP after 200 cycles (47 days) at 60 �C. There is no change
in the olivine structure after cycling at 60 �C. We observed Bragg lines with the

same intensity as that for the pristine material. The capacity loss was below 3 % in

100 cycles for this optimized electrode material. A close examination was made for

the detection of any iron dissolution that could occur after long-term cycling by

post-mortem SEM analysis. No iron detected on the Li foil of the cell with

optimized cathode, which remained intact after 100 cycles. In fact, this high

performance was possible not only because of the optimized synthesis of the

LiFePO4 powders but also because of strict control of the structural quality of the

materials. Similar results were observed in graphite//LFP Li-ion cell. EDX analysis

of the graphite electrode confirms this last observation. No iron, even at the ppm

level, was found in the electrolyte solution. Thus, all these data converge to the

conclusion that the optimized LiFePO4 is not soluble, even at 60 �C.

Fig. 7.23 XRD pattern of as-prepared LiFePO4 material (lower curve) and positive electrode after
200 cycles (lower curves). Bragg lines are indexed in the Pmna S.G. Notice that the olivine

framework remains intact after cycling at 60 �C
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7.9.2 Electrochemical Features vs. Temperature

To study the capacity fade of LiFePO4 at high temperature (60 �C), three different
negative electrodes were used, namely lithium metal, graphite, and Li4Ti5O12. A

lithium metal anode gave exact capacity during charge–discharge process with Li

metal excess 2.5 times to LiFePO4 cathode material. Due to the large excess of

lithium metal, it was difficult to observe the capacity fade with this anode at 60 �C.
Graphite anode was 5 % of excess to LiFePO4 cathode. This type of anode can

detect easily the dissolution of iron because the passivation layer of the graphite

anode is a ionic conductor and an electrical insulator; so the dissolution of iron from

the cathode side to the anode increases the electronic conductivity of the passiv-

ation layer of graphite that results in the capacity fade of the cell. LTO has been

used because no passivation layer formed at its surface, and also it is a zero strain

material as the volume does not change with the lithium concentration during

cycling. In this case, the anode has 0 % excess to the cathode that gives the high

stability of the cycling and also prevents side reactions or reduction of electrolyte to

the potential of LTO (1.5 V vs. Li0/Li+) (see also Chap. 3 regarding the formation of

SEI, and the chapter devoted to the technology concerning the balance of a cell).

Figure 7.24a presents the electrochemical performance of cell in two configura-

tions using LFP as positive electrode, aiming to better understand the role of the

carbon coating on nanoparticles. In-situ high-resolution transmission electron

microscopy synthesis observation of nanostructured LiFePO4 [141] has given

evidence of the following properties. Before carbon coating, the surface layer of

the nanoparticles is strongly disordered. During the carbon coating process, the

carbon coat is formed in the temperature range 600–700 �C, and a crystallization of
the surface layer is observed simultaneously. To separate between the effect of the

re-crystallization of the surface layer and the effect of the carbon coating on the

electrochemical properties, a first coin cell has been prepared with LFP particles of

average size 40 nm, which are not carbon-coated, but have been submitted to the

same thermal treatment at 700 �C during 4 h used in the carbon coating process.

Therefore, the crystallization of the particles has been allowed by annealing effect

at 700 �C, but the particles are not coated because the carbon precursor was not

added. A second coin cell has been prepared with the same particles that have been

submitted to the same treatment in presence of the carbon precursor (lactose in the

occurrence), so that they are carbon-coated. The same powder was used to avoid

any size effect of the particles on the electrochemical particles, and the same

electrolyte was used, namely 1 mol L�1 LiPF6-EC-DEC, and the counter-electrode

was Li in both cases. The voltage profiles of the two cells, measured at rate C/12 at

room temperature are reported in Fig. 7.24a for comparison. The results show that

the capacity of the cell prepared with LFP heated at 700 �C without carbon additive

is very small despite the crystallization of the surface layer of the LiFePO4 particles.

The capacity only reaches ca. 55 % of its theoretical value, while, after carbon

coating, the capacity of these particles is close to the theoretical value. This is

indeed the evidence that, even in the case of nano-scaled particles, the carbon
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coating is mandatory to recover the full capacity of C-LFP, for the reasons we have

recalled in the introduction. The small amount of carbon coating (<2 wt%) can be

viewed as a 3 nm thick film on average, observed by TEM.

The typical electrochemical profile of the C-LFP/1 mol L�1 LiPF6-EC-DEC/Li

18650-type cell cycled at 60 �C is shown in Fig. 7.24b. Under these experimental

conditions, this type of C-LFP electrode can be cycled without significant capacity

loss for over 200 cycles [142]. Actually, this result shows that the cycling life of the

Fig. 7.24 (a) Electrochemical performance of the lithium-LFP coin cell cycled at 25 �C at C/12
rate. Cathode was (1) non-coated and heated at 700 �C (2) carbon-coated. (b) Voltage-capacity
cycle for Li//LFP 18650-type cell. All the cells used 1 mol L�1 LiPF6 in EC:DEC (1:1) as

electrolyte
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cell is very long, even at 60 �C. Note that the calendar life would be reduced at this
temperature with this choice of electrolyte, because the LiPF6 tends to decompose

at high temperature, but other electrolytes and salts tested with Li4Ti5O12 are

available, which avoid this problem [143]. Optimized particle size in the range

200–300 nm agrees well with the average diameter of grains L that validates the

characteristic diffusion time τ¼ L2/4π2D*, where D* is the chemical diffusion

coefficient of Li+ ions in the LiFePO4 matrix (typically 10�14 cm2 s�1) when

compared with the experimental discharge rate up to 5C. The 10th and 120th

cycle show a similar specific capacity of 160 mAh g�1. These results illustrate

the excellent electrochemical performance of the carbon-coated olivine material.

The electrode can be fully charged up to 4 V, which is its most reactive state. This

remarkable performance is attributed to the optimized carbon-coated particles and

their structural integrity under a large current in the electrode. Even at such a high

cycling rate, C-LiFePO4 exhibits rapid kinetics of lithium extraction, and realizes

most of its theoretical capacity (170 mAh g�1). The discharge profile appears with

the typical voltage plateau (at ca. 3.45 V vs. Li0/Li+) attributed to the two-phase

reaction of the (1� x)FePO4 + xLiFePO4 system. The Peukert plots of cell cycled at

25 and 60 �C are shown in Fig. 7.25. The cells were cycled in the potential range

2.5–4.0 V. The discharge capacity and electrochemical utilization, i.e., the ratio

discharge/charge, vs. cycle number are excellent for the C-LiFePO4/LiPF6-EC-

DEC/Li cells. At 10C rate, these Li-ion cells provide coulombic efficiencies 85 %

at 60 �C.

Fig. 7.25 Peukert plots of the C-LiFePO4/LiPF6-EC-DEC/Li cells as a function of the working

temperature 25 and 60 �C
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7.10 LiMnPO4 as a 4-V Cathode

Since the redox potential ofMn is 4.1V instead the 3.45V of Fe, The theoretical energy

density of LiMnPO4 is larger, ad many efforts have been made to find a way to extract

lithium from this material. Unfortunately, the electrical conductivity is even smaller

than that of LFP, so that the electron path inside the particles must be reduced as much

as possible. Even when they are carbon coated, the C-LiMnPO4 particles are electro-

chemically active only when the size is reduced to circa 50 nm. Particles of this size

have been successfully synthesized by different techniques, such as solid-state reaction

in molten hydrocarbon [144], spray pyrolysis plus ball milling [145], and polyol

synthesis [146, 147]. Another difficulty with this material comes from the fact that it

is more difficult to coat LiMnPO4 with carbon than the iron counterpart. The reason is

that Fe interacts strongly with carbon, which is fortunate since it hasmany applications

in biology. We believe that the result of this affinity is the facility with which a

conductive carbon layer can be deposited on the surface of LFP. To the contrary, Mn

has no particular affinity with Fe, and the carbon coating of LiMnPO4 is much more

difficult. Nevertheless, C-LiMnPO4 has been successfully synthesized [148–150]. Still,

the results are disappointing as the carbon coating was found to be less efficient than in

the case of LFP. At best discharge capacity of 130–140 mAh g�1 could be achieved,

but only when the particles are immersed in a huge quantity of conductive carbon,

namely 20 wt% [151] or 30 wt% [145, 152]. However, only few% can be added to the

powder in commercialized batteries, in which case the capacity of C-LiMnPO4 is small

[153]. This gives evidence that the carbon coat is not as conductive as in the case of

C-LiFePO4, for two reasons. First, LiMnPO4 deteriorates when it is heated above 600–

650 �C, while the temperature could be raised to 700 �C for the carbon coating of LFP.

As we have noticed in the previous sections, the conductivity of the carbon increases

strongly with the temperature of the deposit. The second reason os that, as there is no

affinity betweenMn and Fe, we suspect that the conductivity of the carbon deposited at

the surface of LiMnPO4 is the same as in the case of a carbon deposit on silicon wafers

at the same temperature, and at 600 �C, this conductivity is small (we have shown in

Sect. 7.6.2 that the conductivity of the carbon layer deposited on LFP at 600 �C is the

same as that of carbon deposited on a silicon wafer at 800 �C). In such a case, the

conductivity of the carbon coat of LiMnPO4 is not sufficient to conduct efficiently

the electrons to the current collector, inasmuch as the carbon coat is not uniform, and

the large quantity of conductive carbon added to the powder is needed to do the job.

This is at difference with C-LFP where the conductive carbon coat that percolates

through the powder can drive the electrons to the current collector.

These difficulties met with LiMnPO4 were the motivation for trying other

strategies. One of them is to find a compromise between LiFePO4 and LiMnPO4

with the solid solution LiMnyFe1�yPO4, and find the maximum value of y that can
be used before the problems outlined for LiMnPO4 will take over [154]. Indeed, the

carbon coating is easier and C-LiMnyFe1�yPO4 has been synthesized using different

techniques [155–160]. The best compromise turns out to be y ~ 0.7 in which case the
capacity is still 160 mAh g�1, close to the theoretical value, and the voltage versus
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capacity profile shows the two plateaus at 3.45 and 4.1 V characteristics of the

Fe2+/Fe3+ and Mn2+/Mn3+ redox potentials vs. Li0/Li+, respectively, so that both Fe

and Mn are active [157]. However, this capacity is delivered only at low C-rate.
At 1C rate, the capacity is reduced to 120 mAh g�1, due to the very small electrical

conductivity of the polaron in Mn-rich LiMnyFe1�yPO4.

Since it is easy to coat LiFePO4 with conductive carbon, another strategy has

been to coat LiMnPO4 with a LiFePO4 layer first, and then coat the LiFePO4 layer

with carbon. The carbon layer acts as a buffer that has two advantages: (1) it protects

the LiMnPO4 particles from the side reactions with the electrolyte, including the

dissolution of Mn into the electrolyte that is a recurrent problem with Mn-based

active particles. (2) The carbon coat is now deposited on LiFePO4. A first attempt has

been done successfully [161]. In this work, the LiMnPO4 particles of size 200 nm

were covered with a LiMnPO4 layer. The layer, however, was not regular, with

holes, and its average thickness was the order of 10 nm. Thus synthesized, the multi-

composite particles contained 1/3 LiFePO4 and 2/3 LiMnPO4. The electrochemical

measurements reported in Fig. 7.26 together with the results obtained with a solid

solution LiMnyFe1�yPO4 with the same ratio [Fe]/[Mn], i.e., y¼ 2/3, show that the

multicomponent material is much more efficient than the solid solution, since both

the capacity and the rate capability have been improved importantly.

7.11 Polyanionic High-Voltage Cathodes

The third family of 5-V cathode materials is based on poly-anionic frameworks

with the olivine and olivine-related structures. Recently, a short review on these

materials as cathodes for advanced lithium-ion batteries has been published

[162]. Since the discovery of the electrochemical activity of LiMPO4

Fig. 7.26 Left: EDX map of a particle of LiMnPO4 (core region) coated with a LiFePO4 layer

(green shell). Right: modified Peuckert plot obtained with these particles after carbon coating with

Li counter-electrode (squares). The same result obtained with LiMnyFe1�yPO4 particles of same

size and same proportion of Mn and Fe: y¼ 2/3 ( full circles), for comparison
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(M¼ Fe, Mn) olivines with Fe3+/2+ and Mn3+/2+ redox potentials 3.5 and 4.1 V

vs. Li0/Li+, respectively, and theoretical capacity 170 mAh g�1 [1], there are

intensive researches to develop cathode materials with higher intercalation voltages

over 4.5 V that deliver specific energy density as high as 800 Wh kg�1. Candidates

for high-voltage electrodes are polyanionic materials containing either nickel or

cobalt (for structure description, see ref. [163]). LiMPO4 compounds crystallize in

the olivine structure belonging to the orthorhombic symmetry (Pnma S.G.).

According to this structure, the lithium ions are distributed along channels and

the ionic conductivity is a 1-D diffusion of the lithium ions along these channels.

We know from the transport theory that any impurity or defect along a 1-D lattice

can lead to localization. This is in essence the reason why the electrochemical

properties are so sensitive to any structural defect, as we have shown in the previous

section. Another common feature to all olivine materials is their poor electronic

conductivity. Therefore, the active element of the cathode is always a nano-

composite C-LiMPO4, which designates the nanoparticle with its carbon coat

[164]. On the other hand, the ability to suppress thermal runaway of LiMPO4

olivine frameworks is attributed to the high covalent feature of the P-O bonds in

the tetrahedral (PO4) units, which stabilizes the olivine structure and prevents

oxygen release from the charged (delithiated) olivine materials up to 600 �C.
However, it is still controversial for the delithiated state of LiCoPO4 [165].

7.11.1 Synthesis of Olivine Materials

In this section, we consider the various techniques used for the growth of LiNiPO4

(LNP) and LiCoPO4 (LCP) isostructural olivines. Synthetic methods include solid

state reaction with a final heat treatment at 775 �C for 48 h in argon [166–173], ball

milling mixing carbon with the precursors [174], freeze-drying process assisted by

formic acid [175], polyvinyl-pyrrolidone assisted sol–gel route [176], precipitation

method [177], Pechini method [178, 179], polyol method using 1,2 propanediol and

ethylene glycol [180], thin film deposition [181]. LCP powders were prepared by an

original solid-state synthesis procedure based on the use of an alternative cobalt-

containing precursor CoNH4PO4 and a lithium excess synthesis with carbon black

as temporal dispersing agent, later eliminated as CO2 [181]. The sol–gel technique

in ethylene glycol [182, 183] appeared to be a simple method to prepare submicron

size and uniform size distribution for carbon-coated LNP and LCP. Bramnik

et al. [165] reported the effect of different synthesis routes on Li extraction–

insertion from LiCoPO4; samples prepared by SSR method at high temperature

demonstrated unsatisfactory electrochemical performance [169], although

improvement was observed by a synthetic approach based on the precursor

NH4CoPO4∙H2O [181]. Surface modification of LCP particle was realized via a

thin layer of Al2O3 deposited (~10 nm) by a sputtering method [177] or via a thin

layer of LiFePO4 (~4 nm) by SSR method [173].
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7.11.2 LiNiPO4 as 5-V Cathode

Wolfenstine and Allen [166, 184] determined the Ni3+/Ni2+ redox potential in

LiNiPO4 between 5.1 and 5.3 V. To overcome the problems with low electrolyte

stability, a 1 mol L�1 LiPF6 in tetramethylene sulfone electrolyte was used because

of its high oxidative stability, around 5.8 V vs. Li0/Li+. These experimental values

are in excellent agreement with the theoretical predictions [185–187]. The absence

of redox peaks when LNP was heated under argon atmosphere suggests that this

material has a very low intrinsic electrical conductivity. Therefore, additional

treatments such as carbon coating are required for LNP to exhibit Li insertion/

deinsertion. Actually, the electrical conductivity of LiNiPO4 is 2–3 decades lower

than that for LiCoPO4 and LiMnPO4 [188]. Magnetic anisotropy in Li-phosphates

and the origin of their magneto-electric properties have been investigated [189,

190]. Magnetic properties of LCP and LNP show that antiferromagnetic M-O-M

superexchange interactions couple the spins closely in planes parallel to (100)

[111]. Local environment and bonding strength of cations were studied by vibra-

tional spectroscopies, i.e., Raman and FTIR [190, 191]. The information available

about the electrochemical performance of LNP is very limited. Few reports have

shown that LNP is not electrochemically active if it is charged over 5.2 V

[192–194]. However, Wolfenstine and Allen [166] mentioned the electrochemical

activity of LNP powders prepared by SSR method under high purity argon with

addition of a thin layer of carbon coat. The voltammetry displayed an oxidation

peak at ~5.3 V and a reduction peak at ~5.1 V. Recently, Jaegermann et al. [195,

196] have reported the preparation of LNP and LCP by a Pechini assisted sol–gel

process that provides material exhibiting redox peaks at ~5.2 and ~4.9 V vs. Li0/Li+.

Mg-substituted LNP/graphitic carbon foams composite was also synthesized by the

same method, which delivered a discharge capacity of 126 mAh g�1 at C/10 rate

when substituting 0.2 Mg for Ni [197].

7.11.3 LiCoPO4 as 5-V Cathode

In the early work by Amine et al. [184], it is demonstrated that Li can be reversibly

removed from LCP at an average voltage of 4.8 V vs. Li0/Li+ with only a small

contraction in the unit cell volume of the olivine lattice and the formation of a

second olivine-like phase upon Li extraction from LixCoPO4 with limited

Δx¼ 0.42 lithium per formula unit. The electrochemical properties of LiCoPO4

have been studied as a function of several parameters. Effects on the discharge

capacity have and capability improvements include: mixing LNP-LCP to obtained

solid solutions as cathodes [198], carbon coating [199, 200], effect of oxygen partial

pressure on the discharge capacity [201]. Wolfenstine et al. have studied the

structural evolution of LiCoPO4 delithiated by the chemical oxidation

[202]. Okada et al. [172] have shown that LiCoPO4 exhibited the highest 4.8 V
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discharge plateau of 100 mAh g�1 after initial charging to 5.1 V giving an energy

density of 480 Wh kg�1 comparable to that of LiCoO2. Electrical conductivity of

LCP by alloying (Co, Ni), (Co, Mn) [203], and doping [204]. Like any member of

the olivine family, LNP has low electron conductivity, so that its use as the cathodic

material is possible only under the form of the C-LiCoPO4 composite [205]. Such

composites can be discharged at the potentials of 4.7–4.8 V. However, their

cyclability is very low, because the decomposition of liquid electrolyte occurs

under charging in the potential range of 4.8–5.1 V simultaneously with oxidation

of Co2+ to Co3+. The initial discharge capacity of C-LiCoPO4 is close to the

theoretical one that is about 167 mAh g�1. Figure 7.27 compares the discharge

curves of various lithium cells including LiCoPO4 (LCP), LiCoO2 (LCO), LiFePO4

(LFP), and Li3V2(PO4)3 (LVP).

The phase transitions occurring upon lithium insertion–extraction of LiCoPO4

have been investigated by several groups [206]. A two phase mechanism was

confirmed by in situ synchrotron diffraction [168]. An amorphization of the phos-

phate was observed after electrochemical or chemical oxidation [204]. Nagayama

et al. [206] suggested from X-ray absorption spectroscopy a hybridization effect

between the Co 3d and O 2p orbitals and the polarization effect introduced by Li

ions. Bramnik et al. [171] revealed the appearance of two orthorhombic phases

upon electrochemical Li extraction. The LiCoPO4 and the Li deficient phases,

Li0.7CoPO4 and CoPO4, are responsible for the two voltage plateaus at 4.8 and

4.9 V vs. Li0/Li+. The hedgehog-like LiCoPO4 microstructures in the size of about

5–8 μm are composed of large numbers of nanorods in diameter of ca. 40 nm and

length of ca. 1 μm, which are coated with a carbon layer of ca. 8 nm in thickness by

in situ carbonization of glucose during the solvothermal reaction. As a 5-V positive

Fig. 7.27 Comparison of discharge curve of several cathode materials: LiCoPO4 (LCP), LiCoO2

(LCO), LiFePO4 (LFP), and Li3V2(PO4)3 (LVP)
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electrode material for rechargeable lithium battery, the hedgehog-like LiCoPO4

delivers an initial discharge capacity of 136 mAh g�1 at C/10 rate and retains its

91 % after 50 cycles [168]. Surface modification of LCP particles provides a

satisfactory cyclability for LiCoPO4 to be used as a 5 V cathode material

[177]. The capacity retention of Al2O3-coated LCP was 105 mAh g�1 after

50 cycles at T¼ 55 �C. Jang et al. [173] claimed that LiFePO4 coated LCP particles

prepared by SSR method (~100–150 nm) show improved battery performance with

an initial discharge capacity of 132 mAh g�1 but did neither mention the C-rate nor
the current density. Another problem comes from the fact that the thermal stability

of the metal oxides is known to be a decreasing function of the voltage of the redox

potential [207]. In the case of LMP with M¼ Fe, Mn, the redox potential is still

small enough so that the covalent feature of the P-O bonds in the tetrahedral (PO4)

units is sufficient to stabilize the olivine structure and prevents oxygen release from

the charged (delithiated) olivine materials up to 600 �C. For M¼Ni, Co, however,

the 5 V redox potential is so large that the P-O bonding may be not sufficient to

stabilize the structure. In particular, a thermal instability has been reported in the

charged (i.e., delithiated) state of LiCoPO4 [165]. Both olivine-like phases

LizCoPO4 (z¼ 0.6) and CoPO4 appearing during the delithiation of LiCoPO4 are

unstable upon heating, and decompose readily in the range 100–200 �C. The
decomposition of lithium-poor phases leads to gas evolution and the crystallization

of Co2P2O7. Incorporation of lithium bis(oxalato)borate (LiBOB) as additive in

conventional electrolyte solutions enhances the electrochemical performance of

LCP electrode [208]. Nevertheless, LiCoPO4 is a good example of the conflict that

is met with Li-ion batteries: more energy density means less thermal stability and is

thus detrimental to safety.

7.12 NASICON-Like Compounds

NASICON (for Na+ SuperIonic CONductor)-related compounds have been studied

as cathode materials for Li-ion batteries due to the high Li+ mobility and acceptable

discharge capacities [96]. Table 7.5 details the relevant characteristics of several

NASICON-related cathode materials. Note that the most useful redox potentials are

Fe2+/3+ in a sulfate framework and Fe3+/4+ in a phosphate framework [209].

Table 7.5 Properties of lithium-insertion compounds with the NASICON-type structure

Compound Structure Redox couple Potential (V) Li uptake

Fe2(SO4)3 R/M Fe3+/2+ 3.6 2

V2Fe2(SO4)3 R V3+/2+ 2.6 1.8

LiTi2(PO4)3 R Ti4+/3+ 2.5 2.3

Li3�xFe2(PO4)3 M Fe3+/2+ 2.8 1.6

Li3�xFeV(PO4)3 M V4+/3+ 3.8 1.6

R rhombohedral (R3 S.G.), M monoclinic (P21/n S.G.)
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As pointed out by Cushing and Goodenough [209], the NASICON-related

compounds with the highest ionic mobility possess rhombohedral (R3) symmetry

[210]. The M2(XO4)3 framework is built of (XO4)n (X¼ Si4+, P5+, S6+, Mo6+, etc.)

tetrahedral corner-linked to octahedral-site Mm+ (M¼ transition metal). The alkali

ions can occupy two different sites. At low alkali content x� 1 in AxM2(XO4)3), an

octahedral site, A1, is selectively occupied (Fig. 7.28). With x> 1, the alkali ions

are randomly distributed among the A1 and three 8-coordinate sites, A2. The open,
3-D nature of the structure allows easy migration of the alkali ions between A1 and
A2, and the exceptional ionic mobility of the alkali ions is well documented

[211]. Li insertion into NASICON-like frameworks were experimented into hex-

agonal Fe2(SO4)3 and compared with that for isostructural Fe2(MoO4)3 and

Fe2(WO4)3. These substances contain Fe3+ ions in the octahedral sites, which

allows insertion of 2Li per formula unit by converting the Fe3+ to Fe2+ ions.

LixFe2(SO4)3 had an open-circuit voltage Voc¼ 3.6 V whereas Fe2(MoO4)3 and

Fe2(WO4)3 have Voc¼ 3.0 V. The voltage profile, Voc vs. x, of LixFe2(SO4)3 occurs

as a flat plateau due to a dispersive structural change between the hexagonal

Fe2(SO4)3 and the orthorhombic Li2Fe2(SO4)3 insulating phases. The insertion

mechanism occurs as a front mobility between the Li-rich and Li-poor phases

giving a reversible capacity loss that increased with the C-rate. From these studies

several conclusions can be drawn: the mixed-valent electronic transport through a

polyanion is not too small, the position of the Fe3+/2+ redox energy is lowered by the

counter-cation of the (XO4) units, and finally this energy of the octahedral site is a

function of the cation X. Consequently, Voc is increased with the weak covalency of

the Fe-O bonds due to the more acidic (XO4) groups. With the greater acidity of the

(SO4)
2� anion, the voltage raises by 0.8 V with respect to the case of the (PO4)

3�

anion. Contrary to the spinel frameworks, the redox energies in the NASICON

lattice do not vary with the location of Li+ ions in the interstitial sites.

At room temperature Li3Fe2(PO4)3 can be stabilized in one of the three distinct

crystallographic structures. According to Bykov et al. [212], they are monoclinic

Fig. 7.28 Schematic representation of NASICON-type structure (a) rhombohedral and

(b) monoclinic
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α-Li3Fe2(PO4)3 (P21/n S.G.), rhombohedral Nasicon-like (R 3 S.G.) and

γ-Li3Fe2(PO4)3 orthorhombic (Pcan S.G.) lattice that symmetry depending on the

technique of preparation [213]. The rhombohedral phase crystallizes with the

Nasicon-like (Na3Zr2Si2PO12) structure [214]. Such polyanionic framework struc-

tures containing an interconnected interstitial space are potentially fast ionic con-

ductors, especially if the energetically equivalent sites are connected. Recent

magnetic susceptibility and the M€ossbauer effect studies of α-Li3Fe2(PO4)3 (mono-

clinic phase) by Goni et al. [215] showed that the magnetic Fe(III) system

undergoes an antiferromagnetic phase transition below TN¼ 29 K, while the mag-

netic structure of the rhombohedral phase has been reported by Anderson

et al. [216]. The γ-form Li3Fe2(PO4)3 material was prepared using a standard wet

chemical method (sol–gel) using the nitrate route [217, 218]. The elementary cell

parameters are a¼ 8.827 Å, b¼ 12.3929 Å and c¼ 8.818 Å. The framework

structure consists of FeO6 octahedra and PO4 tetrahedra linked through common

corners forming [Fe2P3O12] lantern units. The asymmetric unit cell contains three

PO4 tetrahedra and two FeO6 octahedra. The lithium ions occupy the 8d Wyckoff

sites forming infinite chains of the Li-O-Fe-O-Li type of edge-sharing LiO4 tetra-

hedra and FeO6 octahedra. Figure 7.29 shows the discharge–charge curves of the

Li//Li3Fe2(PO4)3 cell. Electrochemical insertion of Li+ into Li3Fe2(PO4)3 leads to

Li5Fe2(PO4)3 for a complete iron reduction (Fe3+! Fe2+) delivering a theoretical

capacity 128 mAh g�1.

Fig. 7.29 The discharge–charge curves of the Li//Li3Fe2(PO4)3 cell. The cathode material

prepared by sol–gel method has the γ-form
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7.13 The Silicates Li2MSiO4 (M¼Fe, Mn, Co)

According to their formula, this family of materials can theoretically exchange two

electrons per transition ion. This has been the motivation of many investigations,

following the pioneering report of the Armand’s group showing the reversible

lithium extraction in Li2FeSiO4 [98, 219]. Like in the case of LiFePO4, the problem

of the low electrical conductivity has been solved by reducing the size of the

particles to the nano-range, and carbon coating [220]. Even under such conditions,

the capacity is low, i.e., 91 and 78 mAh g�1, at rates higher than 1C; it can be

obtained at 5 and 10C rate for particles of 40–80 nm in thickness [221]. At lower

rate, however, the performance is improved. The capacity retention reaches

135 mAh g�1 at rate C/16, and is stable over 40 cycles [222]. Porous Li2FeSiO4/

C nanocomposite with 8.06 wt% carbon showed a capacity of 176.8 mAh g�1 at

0.5C in the first cycle and a reversible capacity of 132 mAh g�1 at 1C

(1C¼ 160 mA g�1) in the 50th cycle [223]. If the voltage range extends from 1.5

to 4.8 V, a capacity of 220 mAh g�1 has been reported at low current density

10 mA g�1, but after three cycles, the capacity was already decreased to circa

190 mAh g�1 [224], because the deintercalation of the second lithium (Fe3+/Fe4+

redox couple) is predicted to occur at a very high voltage (4.7 V vs. Li0/Li+) with

severe structural distortions, being detrimental to reversible cycling of the second

lithium ion. Therefore, in practice, only one Li can be extracted reversibly in

Li2FeSiO4.

Li2FeSiO4 has a rich polymorphism, due to many variations between the con-

nectivity of tetrahedral sites occupied by Li+, Si4+ , andM2+ that have been revealed

by electronic structure calculations [225]. Depending on the synthesis conditions,

the Cmma space group with a¼ 10.66Å, b¼ 12.54Å, c¼ 5.02Å has been obtained

[226] and monoclinic symmetry with a¼ 8.23 Å, b¼ 5.02 Å, c¼ 8.23 Å,
β¼ 99.20� [227, 228] have been obtained for Li2FeSiO4 annealed at 800 �C,
while another polymorph has been found upon quenching from 900 �C to room

temperature [229]. All of the polymorphs have comparable energies [225], which

explain that the material is difficult to synthesize in a single phase. This, however, is

not necessarily dramatic, because they have very similar electrochemical proper-

ties. On the other hand, impurities can poison this material and affect the electro-

chemical properties. In particular, it is difficult to avoid lithium-silicate phases such

as Li2SiO3 or, just like in the case of LiFePO4, the partial oxidation of Fe2+ into

Fe3+, and many synthesis processes have been used for this purpose: direct precip-

itation in H2O [226], hydrothermal reaction [230, 231], Pechini sol–gel [230, 232],

hydrothermal-assisted sol–gel [221], ceramic synthesis [229], microwave-assisted

solvo-thermal process [233], spray pyrolysis [234].

The best results have been obtained with porous C-coated nanoparticles prepared

by sol–gel process [235]: at C/5 rate, the initial charge and discharge capacities

were 164 and 134 mAh g�1. Starting from 53th cycle, the charge/discharge

capacities continuously increase and reach 157.7 and 155.0 mAh g�1 in the 190th

electrochemical cycle. The explanation for the increase of capacity upon cycling
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was attributed to the fact that active materials in the pores can be gradually

activated during electrochemical cycling. We recover here a general property that

is also encountered in Chap. 10 devoted to negative electrodes, namely the impor-

tant role of the porosity to gain in electrochemical performance, and the possibility

to increase the capacity upon cycling associated with the increasing number of

active sites. Another important parameter is the aggregation of the nanoparticles. In

the present case, the primary particles of size ~100 nm were agglomerated in

secondary particles of 5 μm. Indeed, we have found in the study of LiFePO4

powders that agglomeration improved the electrochemical performance when the

secondary are large enough to increase the tape density, but small enough to let the

electrolyte penetrate into the secondary particles [236]. Since the conductivity is

very small due to the isolated FeO4 tetrahedra and tightly bound Li+ cations in

tetrahedral sites, most of the data reported in the literature have been measured at

60 �C [220, 232, 237] to improve both the electrical and ionic transport. However,

the data in ref. [235] have been obtained at room temperature, which outlines the

performance of this electrode.

Nevertheless, Li2FeSiO4 is not yet competing with LiFePO4 for instance, for

several reasons. The rate capability is smaller, and so is the operating voltage. If the

first charge plateau is located at 3.1 V, the first discharge plateau is located at only

2.8 V vs. Li0/Li+, and it is this lower operating voltage that is usually observed in

further cycles. This lowering is attributed to a structural rearrangement in which

some of the Li+ ions and Fe atoms become interchanged within their respective

crystallographic sites [234, 238]. In addition, this material is sensitive not only to

moisture, like LiFePO4, but also to oxygen, so that it must be stored in inert

atmosphere [239].

To increase the operating voltage, Fe can be substituted for Mn. Li2MnSiO4 has

also a polymorphism [239, 240]. However, both of them have a very poor conduc-

tivity, although differences in intrinsic Li mobility between the monoclinic and

orthorhombic polymorphs are expected [241]. The operating voltage is 4.2 and

4.4 V for the first and second lithium [242], but until recently the electrochemical

properties of Li2MnSiO4 were very bad, with an important loss of crystallinity

occurring during the first oxidation [239]. The situation encountered here is thus the

same as the situation met when substituting Fe for Mn in LiFePO4, and has

presumably the same origin, namely a structural instability linked to the Jah–Teller

Mn3+ ions. Therefore, attempts have been made to use the same strategy as in the

olivine family, i.e., try an only partial substitution of Fe for Mn to find a compro-

mise to stabilize the unstable local environment of Mn3+ in tetrahedral coordination

by Fe [243–245]. However, even if this substitution improved the stability, the

overall change in oxidation state did not exceed more than 0.8 electron per both

transition metals in Li2Fe0.8Mn0.2SiO4 [246]. Recently, however, the interest in

Li2MnSiO4 has been renewed by a new synthesis process [247]. To avoid the

problem of the Jahn–Teller distortion, the particles must be not only nano-sized

but also porous. For this purpose, the authors started with monodispersed MnCO3

nanocubes were prepared through a water-in-oil microemulsion process under

ambient conditions. MnCO3 @ SiO2 core–shell nanocubes were then obtained via
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a modified St€ober silica coating recipe under mild wet-chemistry conditions

[248]. The next step is to mix the MnCO3 @ SiO2 nanocubes with lithium acetate

(LiAc) and lactose, followed by calcination under inert atmosphere. The resulting

MnO would further react with SiO2 and LiAc in the shells as templates to produce

Li2MnSiO4 nanoboxes, and CO2 gas would be released to generate pores in the

walls of the hollow structures [249]. Meanwhile a carbon coating would be formed

in situ on the surface of Li2MnSiO4, resulting from the carbonization of lactose. The

result was then phase-pure Li2MnSiO4 @ nanoboxes. Finally, under magnetic

stirring, 100 mg of these nanoboxes were added to 10 mg of glucose, 10 mg of

cellulose acetate, and a graphene oxide (GO) suspension prepared by ultrasonically

dispersing 5 mg of GO in 2.5 mL water. Finally, the water was removed bu vacuum-

rotary evaporation. The resulting dried powder was annealed in Ar at 400 �C for 4 h

to form porous Li2MnSiO4 @ C/reduced graphene oxide particles about 200 nm in

size, with Li2MnSiO4 crystallized in a pure Pmn21 phase without any impurity, and

a pore size of 4 nm. The electrochemical tests performed at 40 �C at very low 0.02C

rate in the voltage range 1.5–4.8 V showed that this product still delivers a capacity

of 220 mAh g�1 after 50 cycles [248]. On the one hand, the nano-sized plus porosity

allowed to overcome the problem of the structural instability associated with Mn3+,

and the carbon coating plus the RGO could solve the problem of the conductivity, at

least at very low C-rate, at a mild temperature of 40 �C. Still the stability over

50 cycles is far from requirements for commercialization, and the performance will

presumably decrease at higher C-rates. Nevertheless, this novel synthesis process

leading to an important progress for this material could be useful to enhance the

electrochemical properties of other cathode elements as well. It should be noted,

however, that the preparation process involves many steps, so that the price will be

another obstacle to industrial production (a problem that is also encountered in

Chap. 10 devoted to the anodes).

7.14 Summary and Outlook

An important part of this chapter is a thorough report on LiFePO4 synthesized by

several methods since this compound is winning an important part of the market of

Li-ion batteries. We have followed a logical structure starting with synthesis,

crystallographic properties, the characterization of the crucial carbon-coating

layer at the surface of LFP particles, magnetic properties, reaction with water and

humidity, and finally electrochemical performance of optimized material at room

temperature, 60 �C, and in full Li-ion cells. Depending of the synthesis procedure,

the fundamental properties can be modified because of impurities poisoning this

material. These impurities are identified, and quantitative estimate of their concen-

trations is deduced from the combination of analytical methods. The most powerful

technique used so far is the SQUID magnetometry, which is very sensitive to detect

Fe3+ ions. Note that such iron-based impurities may be at the origin of iron

dissolution in the electrolyte producing short circuit of the battery. Thus an
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optimized preparation provides materials with carbon-coated particles free of any

impurity phase, insuring structural stability and electrochemical performance.

Raman scattering spectroscopy is the tool to probe the quality of the carbon layer,

especially its degree of graphitization.

The structural properties have been correlated with the electrochemical perfor-

mance of the positive electrode materials. It appears that a severe control of

synthesis conditions is needed to obtain materials with good performance under

high current density.

The product reacts with water, but not with dry atmosphere, so that storage of the

LFP powder in a dry chamber at 5 % relative humidity is needed, which is sufficient

to guarantee that the product does not age before manufacturing the battery. The

carbon coat is not protective. Exposure to humidity induces delithiation of the

surface layer. However, the resulting FePO4 layer that is formed within minutes of

exposure to humidity is very protective, so that the damage remains limited to the

surface layer (about 3 nm thick) unless the time of exposure to humid atmosphere is

very large (months).

All these researches justify the use of the LiFePO4 material as a cathode element

in new generation of lithium secondary batteries operating for powering hybrid

electric vehicles and full electric vehicles, and also to store the energy from wind-

mills or photoelectric plants to solve the intermittence problem on smart grids.

Only the phosphate polyanion has been considered here. For completeness, we

can also mention a pyrophosphate, Li2CoP2O8, considered as a 4.9 V cathode

[218]. This pyrophosphate crystallizes in the monoclinic structure (P21/c S.G.), in
which Li occupies five sites; two are tetrahedrally coordinated, one forms bipyra-

midal sites, and two Li share them occupancy with Co bipyramids. The material

synthesized using a two-step solid-state method delivered a discharge capacity

of ca. 80 mAh g�1 at C/20 rate, which illustrates the superiority of the phosphate

compounds as active cathode elements. The fluoro-polyanionic compounds, how-

ever, deserve a special attention, and the next chapter is devoted to them.

In addition to the phosphate polyanion compounds we have considered, we can

also mention for completeness a pyrophosphate, Li2CoP2O8, considered as a 4.9 V

cathode [218].This pyrophosphate crystallizes in themonoclinic structure (P21/cS.G.),
in which Li occupies five sites; two are tetrahedrally coordinated, one forms

bipyramidal sites, and two Li share them occupancy with Co bipyramids. The

material synthesized using a two-step solid-state method delivered a discharge

capacity of ca. 80 mAh g�1 at C/20 rate, which illustrates the superiority of the

phosphate compounds as active cathode elements. Among the otherXO4 (X¼ S, Si,

Mo, W)-based compounds, we have selected the silicates X¼ Si, because recent

progress revive the interest in these materials; a more exhaustive review on other

polyionic compounds can be found in a review [250]. The fluoro-polyanionic

compounds, however, deserve a special attention, and the next chapter is devoted

to them.
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Chapter 8

Fluoro-polyanionic Compounds

8.1 Introduction

During the last decade, numerous studies have been devoted to replace oxides by

materials with a polyanion-based framework that are considered as safe alternatives

for the traditional oxide electrodes [1]. For instance, Mx(SO4)y sulfate-based and

Mx(PO4)y phosphate-based compounds (M is a transition-metal ion) that house

interstitial Li+ ions such as LiFe2(SO4)3 [2], LiFePO4 [3], Li3V2(PO4)3 [4],

Li2.5V2(PO4)3 [5], LiVOPO4 [6–8], and LiVP2O8 [8, 9] have all been considered

as thermally stable. All these materials usually exhibit excellent stability on long-

term cycling by comparison to lithium metal oxides and essentially no release of

oxygen from the lattice or reactivity with the electrolyte. However, the materials

were found to be poor electronic conductors [3].

The search of new cathode materials aiming to maintain a good mix of proper-

ties, with focus on electrochemical and safety parameters, has resulted in the

improvement of the electrochemical performance using two strategies: (1) substitu-

tion of fluorine for oxygen or (2) fluorine coating of the active particles. As a result,

fluorinated compounds display several advantages such as high voltage redox

reactions, stabilization of the host lattice, protection the electrode particle surface

from HF attack and electrolyte decomposition that impedes a side reaction, and

easy transport of mobile Li+ ions [10–15]. Accordingly, anion substitution is

expected as an effective way to enhance the electrochemical performance of spinel

and layered compounds, especially for NMC materials [16] due to the strong

electronegativity of the F� anion, which will make the structure more stable.

Among the metal fluorides as surface fluorination (coating) agents of oxide-based

cathode particles, the most popular are ZrFx [17], AlF3 [18], CaF2 [19], and LiF

[20]. While these materials are treated in the first and third chapters, attention

hereunder is focussed on technological developments of fluorophosphates and

fluorosulfates [21–23]. The present chapter gives the state of the art in the under-

standing of the properties of these F-containing materials. Owing to the progress in
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this field, these compounds are promising active cathode elements for the next

generation of Li-ion batteries to improve the technology of the energy storage and

electric transportation. This chapter is organized as follows. The preliminary

considerations are dedicated to a brief recall of the energetic properties of these

compounds. The second section is devoted to the structural and electrochemical

properties of fluorophosphate materials. Then the fluorosulfates are treated in

Sect. 8.3. Finally, some concluding remarks are given with emphasis on the quality

that insures the reliability and the optimum electrochemical performance of these

materials.

8.2 Properties of Polyanionic Compounds

According Eq. (1.5), the average voltage of an intercalation compound is directly

related to the energies of the end states (charged and discharged), the voltage

depends on the structure of the cathode element [24]. Several computer simulation

techniques have been employed to address the voltage, diffusion and nano-

structural properties of cathode materials [25, 26]. DFT+U methods have also

been used recently to investigate the structural and electronic properties of both

tavorite and triplite LiFeSO4F polymorphs. Islam and Fisher [25] have pointed out

that the difference in voltage is mainly due to the difference in the stabilities of the

delithiated states FeSO4F, which can be rationalized in terms of the Fe3+-Fe3+

repulsion in the edge-sharing geometry of the triplite structure [27].

Considering the crystal field concept developed by Goodenough [28], the redox

potential of an insertion electrode material is governed by the ionocovalency of the

M-X bond: the more ionic bonds, the higher potential. Thus, the redox potential

strongly depends on the electronegative ion: substitution of fluorine F� for oxygen

O2� results in higher potential, while the opposite is observed for sulfur. As an

example, the redox potential of the LiFePO4F tavorite phase is 850 mV higher than

that of the LiFePO4 olivine phase, because the ionicity in Fe-F bonds is larger than

that of Fe-O bonds. A computational investigation on fluorinated-polyanionic

compounds has demonstrated that the more ionic M-F bond and the resulting

stabilization of the energy of the antibonding 3d orbitals of the transition-metal

ion by fluorine substitution for oxygen is the law acting on the electrochemical

properties [28].

Another aspect of tuning the redox potential of an electrode material has been

demonstrated by Goodenough et al. [3, 29]. They have shown that the use of

polyanions (XO4)
n� such as (SO4)

2�, (PO4)
3�, (AsO4)

3�, or even (WO4)
2� lowers

3d-metals redox energy to useful levels compared to the Fermi level of the Li

anode. Thus, the most attractive key point of the polyanion frameworks can be seen

in the strong X-O covalency, which results in a decrease of the Fe-O covalency.

This inductive effect is responsible for a decrease of the redox potential in com-

parison to the oxides [29, 30]. The polyanion PO4
3� unit stabilizes the olivine

structure of LiFePO4 and lowers the Fermi level of the Fe2+/3+ redox couple through
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the Fe-O-P inductive effect which results in a higher potential for the olivine

material. The discharge voltage 3.45 V is almost 650 mV higher than that of

Li3Fe2(PO4)3 [3]. It is also 350 mV higher than that of Fe2(SO4)3 [2], which is

consistent with the stronger Bronsted acidity of sulfuric vs. phosphoric acid. In

the case of Li2FeSiO4, the lower electronegativity of Si vs. P results in a lowering of

the Fe2+/3+ redox couple [31]. On the other hand, the higher thermal stability of the

phospho-olivines and their lower tendency to release oxygen is explained by

the strong X-O covalency and the rigid (XO4)
n� units decreasing the safety risks.

However, AMXO4 compounds and AM(XO4)3 as well (A is an alkali ion) exhibit a

very low electronic conductivity because of the separation betweenMO6 octahedra

and XO4 tetrahedra that induces a large polarization effect during charge–discharge

reaction [32]. Figure 8.1 illustrates the changes in redox energies relative to the

Fermi level of Li for the Fe2+/3+ and Vn+/(n+1)+ couples. For instance, the electro-

chemical insertion properties of lithium vanadium fluorophosphate, LiVPO4F,

indicate that the V3+/V4+ redox couple in LiVPO4F is located at a potential around

0.3 V higher than in the lithium vanadium phosphate, Li3V2(PO4)3 [32]. This

property characterizes the impact of structural fluorine on the inductive effect of

the PO4
3� polyanion. The electrochemical characteristics of various lithiated com-

pounds with polyanionic framework are listed in Table 8.1 [32–36].

Most of these compounds crystallize in a structure similar to tavorite LiFe(PO4)

(OH) [37]. Using high-throughput density-functional-theory calculations, Mueller

et al. [38] have evaluated tavorite-structured oxyphosphates, fluorophosphates,

oxysulfates, and fluorosulfates. The activation energies for lithium diffusion

through the tavorite frameworks of LiVO(PO4), LiV(PO4)F, and Li2V(SO4)F

showed that these materials are capable of reversibly inserting two lithium ions

per redox active metal at very high rates.
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Fig. 8.1 Energy of the redox couples of iron (a) and vanadium (b) phosphate frameworks relative

to the Fermi level of metallic lithium
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8.3 Fluorophosphates

Numerous inorganic material factors including the nature of the transition-metal ion

and its number of valence states affect the structural and transport properties. For

instance, lithium fluorophosphates glasses (LFG) formed by P2O5 glass former and

LiF glass modifier with addition of dopant are well known to exhibit enhancement

of their conductivity and decrease of their glass transition temperature without

altering the phosphate network [38, 39]. The crystallized materials with the

framework-structured Li-containing fluorophosphates of 3d-metals, described by

general formulae LiMPO4F and Li2MPO4F, have been explored as perspective

high-voltage cathode materials for rechargeable lithium batteries [22]. The crystal-

lographic parameters of LiMPO4F (M¼ Fe, Co, Ni) compounds are listed in

Table 8.2.

8.3.1 Fluorine-Doped LiFePO4

With the goal of increasing the voltage of the redox reaction, Liao et al. [44] were

among the first groups who investigated the effects of fluorine substitution on

electrochemical behavior of LiFePO4/C composite electrode material. LiFe

(PO4)1�xF3x/C (x¼ 0.01, 0.05, 0.1, 0.2) was synthesized by a solid-state

carbothermal reduction route at 650 �C using NH4F as dopant. F-doped LiFePO4/C

nanoparticles were prepared either via a low-temperature hydrothermal reaction

followed by high-temperature treatment at 850 �C for 5 h under Ar atmosphere

[45, 46] or via sol–gel process using LiF [48]. Nanostructured C-LiFePO3.98F0.02
composite was synthesized by an aqueous precipitation of precursor material

in molten stearic acid [48]. The excessively F-substituted LiFe(PO4)0.9F0.3/C com-

posite showed the most attractive high rate performance and the cycling life at high

temperatures (T> 50 �C) due to the fact that the more ionic Fe-F bond stabilizes the

energy of the antibonding 3d orbitals of the transition-metal ion.

However, two proposals about the fluorine ion occupy were given: (1) the first

one suggested that 3F� ions replace PO4
3� group as a whole [44, 45], and

Table 8.1 Electrochemical characteristics of lithiated compounds with polyanionic framework

Compounds

lithiated state

Compounds

delithiated state

Redox

potential (V)

Capacity

(mAh g�1) References

LiVPO4F VPO4F 4.2 115 [32]

Li2VPO4F LiVPO4F 1.8 130 [33]

Li2FePO4F LiFePO4F 2.9 288 [34]

Li1+xTiPO4F LiTiPO4F 1.8 145 [35]

LiFeSO4F FeSO4F 3.6 140 [35]

LiNiSO4F NiSO4F 5.4 (?) 142 [36]
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(2) the second one declared that F� could only be replaced at the oxygen sites

[46–48]. Considering the second proposition, there are three nonequivalent

randomly occupied O sites, namely the O(1), O(2), and O(3) site, in the crystalline

elementary cell of LiFePO4. As compared with the pure olivine material, its

discharge capacity at 10C rate was 110 mAh g�1 with a flat discharge voltage

plateau of 3.3–3.0 V vs. Li0/Li+. Lu et al. [46] reported that the length of Li–O

bonds increased and those of P–O bonds decreased due to F doping. This implies

that Li+ diffusion between lithiated phase and delithiated phase could be improved,

due to the F-doping that weakens the Li–O bonds. Fluorine ions preferably occupy

specific O(2) oxygen sites. It seems that fluorine doping leads to additional electron

density on the lithium sites indicating the formation of FeLi+-LiFe� antisite pairs.

Such fluorine doping closes the gap in the electronic structure, which results in a

finite density of states at the Fermi level. Enhanced high rate performance and

improved cycle stability of F-doped olivine-phosphate was also reported in more

recent studies [46–48]. C-LiFePO3.98F0.02 composite delivered the capacity of

164 mAh g�1 at C/10 rate. The first principles computational results indicate that

electronic properties, the lithium insertion voltage, and general electrochemical

behavior, are very sensitive to the placement of fluorine ions in the structure of this

compound [48]. It was suggested that LiVSiO4F and Li0.5FePO3.5F0.5 lithium

deinsertion causes a too large M-F distance (indicative of M-F bond breaking),

being the predicted lithium insertion voltage about 0.3 V lower than that of the

parent compound.

8.3.2 LiVPO4F

The vanadium-containing phosphate polyanion LiVPO4F has been initially pro-

posed and described in detail by Barker et al. [32, 49–59] as a novel 4-V positive

electrode materials for Li-ion batteries. Initial testing of LiVPO4F has shown that

this material is substantially safer than the traditional oxide materials, and therefore

should also be considered as a cathode replacement for the current generation of Li

ion cells [32]. LiVPO4F is isostructural with the native mineral tavorite, which

belongs to the lithium-bearing pegmatite family with favorite LiFe3+(PO4)∙(OH),
amblylgonite (Li,Na)AlPO4∙(F,OH), and montebrasite LiAlPO4∙(F,OH) poly-

morphs. The tavorite phase crystallizes in a triclinic structure (P1 S.G.) and its

framework consists of V3+O4F2 octahedra linked by fluorine vertices forming

(V3+O4F2)1 chains along the c-axis (Fig. 8.2). The connection of these chains

with corner-sharing PO4 tetrahedra form an open three-dimensional lattice with

wide tunnels along the a, b, and c directions that accommodate the Li ions in two

sites, i.e., Li(1) is five coordinated with low occupancy (~18 %) and Li(2) adopts a

six coordination with high occupancy (~82 %) on the 2iWyckoff positions [60–63].

In the early work of Barker et al. [32] the synthesis of LiVPO4F was made by a

two-step approach involving the initial carbothermal preparation of a VPO4
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intermediate using V2O5, NH4H2PO4, and particulate carbon (super P grade) pre-

cursors, followed by a simple LiF incorporation process. The single tavorite phase

displays lattice parameters such as a¼ 5.1830(8)Å, b¼ 5.3090(6)Å, c¼ 8.2500

(3)Å, α¼ 82.489(4)�, β¼ 108.868(8)�, γ¼ 81.385(8)�, and V¼ 184.35(0)Å3. Pre-

liminary electrochemical studies of the LiVPO4F cathode material demonstrate a

reversible lithium extraction/insertion reaction based on the V3+/4+ redox couple

that indicates: (1) a discharge potential centered at around 4.19 V vs. Li0/Li+, (2) a

two-phase reaction mechanism coupled to phase nucleation behavior, (3) a revers-

ible specific capacity around 115 mAh g�1, a performance roughly equivalent to

cycling of x¼ 0.84 in Li1�xVPO4F. In Fig. 8.3a, we present the charge–discharge

profile of LiVPO4F//Li cell cycled at different C-rates with 1 mol L�1 LiPF6
solution in EC-DEC (1:1) as electrolyte. The first charge curve (red) is shown for

comparison. The variation of the derivative capacity (�dQ/dV ) as a function of the
voltage during extraction (charge) and insertion (discharge) of Li+ ions into the

Fig. 8.2 Schematic view of the tavorite structure (P1 S.G.) along the a-, b-, and c-crystallographic
directions
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for comparison. (b) Variation of the derivative capacity (�dQ/dV ) as a function of the voltage

during extraction (charge) and insertion (discharge) of Li+ ions into the LiVPO4F host
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LiVPO4F host is shown in Fig. 8.3b. In the charge profile, the two distinct peaks

with a potential separation ~60 mV correspond to the V3+/4+ redox couple with the

two Li(1) and Li(2) site occupancies. Typical thermal response of the fully

delithiated Li1�xVPO4F phase obtained by differential scanning calorimetry

shows that, with a heat flow of ~205 J g�1, the safety characteristics of LiVPO4F

is vastly superior to known oxide cathode materials (for instance 345 J g�1 for

LiMn2O4) [58].

Taking advantage of the multivalency of vanadium ions, an additional lithium

insertion reaction at around 1.8 V vs. Li0/Li+ was reported to be associated with the

V3+/2+ redox couple [49, 56–58]. LiVPO4F has two redox electric potentials based

on the V4+/3+ (LiVPO4F!VPO4F reaction) and V3+/2+ (LiVPO4F!Li2VPO4F

reaction) couples, which offers the possibility of using this material for the cathode

as well as anode as shown in the diagram presented in Fig. 8.4. Ellis et al. [40] have

investigated the end phases combining X-ray and neutron diffraction for VPO4F

and Li2VPO4F prepared by chemical oxidation and reduction of the parent com-

pound. The crystal chemistry of these end phases is listed in Table 8.2. The

delithiated phase VPO4F adopts a monoclinic structure (C2/c S.G.) in which

corner-shared (V4+O4F2) octahedral chains are interconnected by PO4 tetrahedra.

The lithiated Li2VPO4F phase displays the same structural change to monoclinic

symmetry (C2/c S.G.) in which lithium ions occupy two sites, Li(1) and Li(2), filled

with equal probability [64]. The redox activity between the two LiVPO4F-

Li2VPO4F compositions is very facile and occurs with an 8 % change in volume

and displays a stable specific capacity of 145 mAh g�1 [34]. More recently, Ellis

et al. [40] and Plashnitsa et al. [65] and have utilized LiVPO4F as both cathode and

anode for fabrication of a symmetric Li-ion LiVPO4F//LiVPO4F cell with a non-

flammable ionic liquid LiBF4-EMIBF4 electrolyte. This symmetrical cell displays a

potential window of 2.4 V with a reversible specific capacity of 130 mAh g�1 and

has shown to be stable and safe at high temperature up to 80 �C.
The incorporation of aluminum into the LiV1�yAlyPO4F framework prepared by

the two-step carbothermal reduction method has generated some interesting prop-

erties: (1) an almost linear decrease of the discharge capacity on the V3+/4+ redox

couple with Al substitution, (2) a lower polarizability, (3) a gradual upshift in the

V3+/4+ redox peak of 90 mV, and (4) the ratio of the two charge plateaus remains

relatively constant for 0� y� 0.25 [59].

Lithium insertion
1 2

monoclinic phase
C2/c S.G.

LiVPO4F

0

VPO4F Li2VPO4F
Ox. Red.

monoclinic phase
C2/c S.G.

triclinic phase
P1 S.G.

_

two-phase
domain

V3+/4+ (4.2 V) V3+/2+ (1.8 V)

two-phase
domain

Fig. 8.4 Phase diagram

of LixVPO4F (0� x� 2)
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The reactivity of LiVPO4F charged at C/5 rate with 1 mol L�1 LiPF6 solution in

EC:DEC electrolyte was tested by accelerating rate calorimetry (ARC) at high

temperature. The self-heating rate (dT/dt) of the CTR-synthesized LiVPO4F

reacting with electrolyte is lower or about the same as that of LiFePO4 olivine

over the entire test temperature range 50–350 �C for powders of identical surface

area (15 m2 g�1) [66, 67]. Ma et al. [68] have investigated the effects of oxidation

on the structure and the performance of LiVPO4F as a cathode material. Two

two-phase structural evolutions were detected upon Li+ electrochemical extraction

at average potentials at 4.26 and 4.30 V corresponding to the continuous transfor-

mation of LiVPO4F!Li0.82VPO4F!VPO4F in the first charge process, while the

discharge process occurs without the appearance of the intermediate phase.

Changes in the Li environment and ion mobility in the tavorite LiVPO4F lattice

have been observed by multinuclear solid-state 6/7Li and 31P NMR spectroscopies

on chemically and electrochemically delithiated samples [68]. The ionic conduc-

tivity determined from electrochemical impedance spectroscopy (EIS) of tavorite-

structured LiVPO4F. is σι¼ 0.6� 10�8 S cm�1 at room temperature with the

activation energy of Ea¼ 0.85 eV determined from the Arrhenius plot [69]. These

values differ from those of LiFePO4F σι¼ 8� 10�11 S cm�1 and Ea¼ 0.99 eV

reported by Recham et al. [35].

Various vanadium-based fluorophosphates were evaluated as cathode material

for Li-ion batteries [35, 70–83]. Wang et al. [81] reported the electrochemical

performance of LiVPO4F/C composite prepared by heating a precursor, obtained

through ball milling with slurry of H2C2O4∙2H2O as reacting agent and carbon

source, NH4H2PO4, NH4VO3 and LiF. This material shows specific discharge

capacities of 151 and 102 mAh g�1 at 0.1C and 10C, respectively, in the voltage

range of 3.0–4.4 V and displays a discharge coulombic efficiency 90.4 % at

10C-rate after 50 cycles. Reddy et al. [83] have examined the long-term behavior

in the potential range 3.0–4.5 V at 0.92C-rate of LiVPO4F prepared by

CTR method. The capacity degrades slowly over 800–1260 cycles and the total

loss is ~14 %.

8.3.3 LiMPO4F (M¼Fe, Ti)

Following the discovery of Barker et al. [46], who described the preparation of

LiM1�yM
0
yPO4F materials (M and M0 are transition metals having a +3 oxidation

state) several attempts were made to substitute transition-metal ions of the first raw

for vanadium such as Fe and Ti. DFT calculations using plane-wave methods were

performed for Li2MPO4F, LiMPO4F, and MPO4F (M¼V, Mn, Fe, Co, Ni) to

address their feasibility as high-voltage cathode materials (>3.5 V relative to Li

metal) for Li-ion batteries [84]. Average open-circuit voltages of 4.9, 5.2 and 5.3 V

were calculated for Mn, C, and Ni, respectively.
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LiFePO4F synthesized by CRT method or by a hydrogen reduction reaction

crystallizes in the triclinic structure (P1 S.G.) with lattice parameters a¼ 5.1528 Å,
b¼ 5.3031 Å, c¼ 8.4966 Å, α¼ 68.001�, β¼ 68.164�, γ¼ 81.512� and cell volume

V¼ 183.89 Å3. LiCrPO4F prepared by the same methods crystallizes with the P1

space group with lattice parameters a¼ 4.996 Å, b¼ 5.308 Å, c¼ 6.923 Å,
α¼ 88.600�, β¼ 100.81�, γ¼ 88.546� and cell volume V¼ 164.54 Å3. Recham

et al. [35] experienced the growth of crystalline LiFePO4F by either solid-state or

ionothermal techniques. For the solid-state synthesis, the mixture of Li3PO4 and

FeF3 was heated at 800 �C for 24 h inside a platinum tube. For the ionothermal

method, similar mixture stabilized with an ionic liquid and triflate produced nano-

structured particles (~20 nm). This material shows a reversible specific capacity of

~145 mAh g�1 with the average potential at 2.8 V corresponding to the Fe3+! Fe2+

redox couples. However, LiFePO4F cannot be oxidized, which limits its use in

Li-ion batteries [21]. The phase transition and electrochemistry of the LiFePO4F-

Li2FePO4F have been studied by Ramesh et al. [34]. The fully lithium inserted

phase, Li2FePO4F, adopts a triclinic tavorite-type structure that is closely related to

the parent phase (see Table 8.2). Despite the presence of two crystallographic

distinct Fe sites (1a and 1cWyckoff positions) in the P1 lattice, the electrochemical

features of LiFePO4F!Li2FePO4F show an overall potential at 3 V with a

reversible capacity of 0.96 Li corresponding to a capacity of 145 mAh g�1.

Ti-based LiMPO4F is another tavorite structure built by distorted TiO4F2 octa-

hedra linked by fluorine ions, which was synthesized by either solid-state or

ionothermal techniques [35]. Single-phase LiTiPO4F powders prepared at low

temperature (260 �C) has lattice parameters a¼ 5.1991 Å, b¼ 5.3139 Å,
c¼ 8.2428 Å, α¼ 106.985�, β¼ 108.262�, γ¼ 98.655� and cell volume

V¼ 186.10 Å3. Li extraction/insertion reaction from/into the Li1+xTiPO4F

framework occurs in the range �0.5� x� 0.5 with the appearance of two

pseudo-plateaus centered at 2.9 and 1.8 V corresponding to the Ti3+!Ti4+ and

Ti3+!Ti2+ redox couples, respectively. However, due to the sensitivity of elec-

trochemical features upon mild modifications of synthesis, Barpanda and Tarascon

[21] conclude that LiTiPO4F is a poor cathode material for battery applications.

8.3.4 Li2FePO4F (M¼Fe, Co, Ni)

Fluorophosphates of general formula A2MPO4F (A¼Li, Na and M¼ Fe, Mn, Co,

Ni) crystallize in three structure types, which differ in the connectivity of (MO4F2)

octahedra: face-shared (Na2FePO4F), edge-shared (Li2MPO4F, M¼Co, Ni) and

corner-shared (Na2MnPO4F) [42, 83]. The Li2MPO4F (M¼ Fe, Co, Mn, Ni) crys-

tallize in three different structures types; triclinic (tavorite) and two-dimensional

orthorhombic (Pbcn S.G.) and tunnel-like monoclinic (P21/n S.G.) [85]. In their

prior work, Ellis et al. [41] have shown that A2FePO4F (A¼Na, Li) could serve as a

cathode in Li-ion cells. This compound possesses facile two-dimensional pathways
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for Li+ motion, and the structural modifications on redox reactions are minimal with

a volume change of only 3.8 % that contributes to the absence of distinct two-phase

behavior. Single-phase Li2FePO4F was prepared by ion exchange of Na2FePO4F in

1 mol L�1 LiBr acetonitrile solution. The material LiNaFePO4F (Li/Na ratio 1:1)

was obtained by reducing NaFePO4F with LiI in acetonitrile for 6 h. Li2FePO4F

crystallizes in the orthorhombic structure (Pbcn S.G.) with lattice parameters

a¼ 5.055Å, b¼ 13.561Å, c¼ 11.0526 Å, β¼ 90�, and cell volume V¼ 858.62 Å3.

The open-circuit voltage is lower than the LiFePO4 olivine (3.0 V vs. 3.45 V); 80 %

of the theoretical capacity (135 mAh g�1) is attainable on the first oxidation

cycle. Recently, the same group [33] reported the crystal structure and electro-

chemical properties of Li2MPO4F fluorophosphates (M¼ Fe, Mn, Co, Ni) synthe-

sized by solid-state and hydrothermal synthetic routes. New forms of lithium

fluorophosphate cathode materials have been reported such as Li2FePO4F obtained

by cycling the orthorhombic NaLiFePO4F phase (Pnma S.G.) in an electrochemical

lithium cell [85], single phase sub-stoichiometric nanocrystalline Li1�xFe1�yMyPO4

(M¼ Fe, Co) [86], and Li2�xNaxFe[PO4]F tavorite structure synthesized by ion

exchange using LiBr in ethanol [87].

8.3.5 Li2MPO4F (M¼Co, Ni)

Several groups reported on high voltage electrochemical performance of

Li2CoPO4F and Li2NiPO4F [86]. Both LiCoPO4 and Li2CoPO4F (isostructural

with Li2NiPO4F) crystallize in the orthorhombic system (S.G. Pnma, Z¼ 8). Nev-

ertheless, there are remarkable differences between the structures from a crystallo-

graphic point of view. LiCoPO4 has CoO6 octahedra, LiO6 octahedra and PO4

tetrahedra. In contrast, Li2CoPO4F has CoO4F2 octahedra instead of CoO6 octahe-

dra. In addition, Li2CoPO4F has two kinds of Li sites, 4c and 8d [43]. It was

confirmed that Li2CoPO4F is a new class of 5-V cathode materials similar to

LiCoPO4 [13, 42, 89]. Dumont Botto et al. [85] have pointed out that, contrary to

the Na phases which are quite simple to obtain, the synthesis of Li2MPO4F remains

difficult and requires either the ion exchange of the Na-counterparts or a lengthy

solid-state reaction (at least 10-h heat treatment) [83]. In the search of finding

unconventional way to prepare Li2CoPO4F, a shorter reaction down to 9 min was

done by spark plasma sintering, which favors the formation of submicrometric

particles (0.8 μm).

A considerable theoretical upper limit of approximately 310 mAh g�1 is

expected for Li2CoPO4F and Li2NiPO4F. The theoretical estimation of the interca-

lation voltage of ~4.9 V for Li2CoPO4F cathode [88] is in good agreement with the

voltage plateau observed at ca. 5 V [42]. A fault of both Li2CoPO4F and lithiated

cobalt phosphate is a high irreversible capacity (especially in the first cycles), which

is related to decomposition of electrolyte at high anodic potentials. Experimentally,

LiNiPO4F discharge voltage is demonstrated to be close to 5.3 V [88]. Khasanova
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et al. [89] have investigated the electrochemical performance and structural prop-

erties of the high-voltage cathode material Li2CoPO4F. The cyclic voltammetry and

coulometry under potential step mode in the voltage range 3.0–5.1 V vs. Li revealed

a structural transformation at potentials above 4.8 V. This transformation occurring

upon Li-extraction appears to be irreversible: the subsequent Li-insertion does not

result in restoration of the initial structure, but takes place within a new “modified”

framework. According to the structure refinement, this modification involves the

mutual rotations of (CoO4F2) octahedra and (PO4) tetrahedra accompanied by the

considerable unit cell expansion, which is expected to enhance the Li transport

upon subsequent cycling. The new framework demonstrates a reversible

Li-insertion/extraction in a solid-solution regime with stabilized discharge capacity

at around 60 mAh g�1. The Li2CoPO4F is prepared by a two step solid state method,

followed by the application of wet coating containing various amounts of ZrO2.

Among the samples, the 5 wt% ZrO2 coated Li2CoPO4F material shows the best

performance with an initial discharge capacity of up to 144 mAh g�1 within the

voltage range of 2–5.2 V vs. Li0/Li+ at current density 10 mA g�1 [83]. XRD

patterns of Li2CoPO4F electrodes at different stages of cycling during the first

charge–discharge cycle were investigated by Wang et al. [83]. Electrodes

discharged from 5.0 V maintain the same trend as the fresh electrodes; however,

a slight difference indicates that the structural relaxation of the framework of

Li2CoPO4F occurs at a voltage greater than 5.0 V, which is consistent with the

CV measurements.

8.3.6 Na3V2(PO4)2F3 Hybrid-ion Cathode

The sodium vanadium fluorophosphate materials have demonstrated reversible

Li-ion insertion behavior [87, 88]. The Na3V2(PO4)2F3 phase prepared using a

solid-state carbothermal reduction (CTR) approach involving the precursors

VPO4 and NaF crystallizes in the tetragonal space group P42/mnm with lattice

parameters a¼ 0.0388(3)Å, c¼ 10.8482(4)Å and V¼ 888.94(6)Å3. The frame-

work structure is best described in terms of (V2O8F3) bi-octahedra and (PO4)

tetrahedral. The bi-octahedra are linked by one of the fluorine atoms, whereas the

oxygen atoms are all interconnected through the PO4 units. Electrochemical prop-

erties of LixNa3�xV2(PO4)2F3 carried out in a metallic Li half-cell in the potential

range 3.0–4.6 V vs. Li0/Li+ reveal that mobile Na is rapidly exchanged for Li

(Fig. 8.5). The voltage response corresponded to the reversible cycling of two alkali

ions per formula unit. The associated specific capacity was around 120 mAh g�1, at

an average discharge voltage of around 4.1 V vs. Li metal anode [88]. The differ-

ential capacity data for the cell cycled at C/20 rate for charge and discharge is

shown in Fig. 8.5a. Thus, when fully charged to 4.6 V vs. Li, a cathode composition

approximating to NaV2(PO4)2F3 is produced, a condition in which all the vanadium

has been oxidized to V4+. Such a hybrid-ion cathode was used in Li-ion battery with
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Li4/3Ti5/3O4 as Li source. The differential capacity (�dQ/dV ) curves of the first and
fifth cycle for a Li4/3Ti5/3O4//Na3V2(PO4)2F3 hybrid-ion cell cycle are displayed in

Fig. 8.5b. During the initial charge of the cell sodium ions are extracted from the

Na3V2(PO4)2F3 cathode. These results show that the �dQ/dV response for the first

cycle is broad and symmetrical, confirming the energetic reversibility of the cell

chemistry with a capacity of ~120 mAh g�1. However, sodium insertion into Li4/

3Ti5/3O4 is not favored. On subsequent cycles, the 2.28/2.23 V redox peaks shift by

100 mV to lower potential due to the Li+/Na+ ionic exchange that is now charac-

terized by sharp redox peaks. Thus, change to a predominate lithium insertion

mechanism occurred at the cathode [88]. Variation of the Li/V ratio in

LixNa3�xV2(PO4)2F3 as a function of cycle number showing the Li-Na exchange

process is presented in Fig. 8.6. As a result, the almost entire Li/Na exchange was

completed after ten cycles. Similar results for Na2FePO4F have been reported by

-60

-40

-20

0

20

40

60

2.5 3.0 3.5 4.0 4.5 5.0

charge

discharge

-d
Q

/d
V

 (
m

A
h 

g-
1  

V
-1

)

Voltage (V vs. Li0/Li+)

4.41

4.36

3.84

3.72

3.85

3.91
a

-60

-40

-20

0

20

40

60

1.0 1.5 2.0 2.5 3.0 3.5

1st cycle

5th cycle

-d
Q

/d
V

 (
m

A
h 

g-
1  

V
-1

)

Voltage (V)

b

Fig. 8.5 Differential capacity (dQ/dV ) curves of (a) Li//Na3V2(PO4)2F3 cell and (b) the first and
fifth cycle for a Li4/3Ti5/3O4//Na3V2(PO4)2F3 hybrid-ion cell. The electrolyte comprised a

1 mol L�1 LiPF6 solution in ethylene carbonate/dimethyl carbonate (2:1 wt%)

0.0

0.2

0.4

0.6

0.8

1.0

0 2 4 6 8 10 12

Li
/V

 r
at

io
 d

ur
in

g 
N

a 
ex

tr
ac

tio
n

Cycle number

LixNa3-xV2(PO4)2F3

0.0

0.2

0.4

0.6

0.8

2.53.03.54.04.5

1st cycle

Li
/V

 r
at

io

Voltage (V vs. Li+/Li0)

Fig. 8.6 Variation of the

Li/V ratio in

LixNa3�xV2(PO4)2F3 as a

function of cycle number

showing the Li-Na

exchange process. Insert
presents the change during

the first cycle

8.3 Fluorophosphates 281



Ellis et al. [31]. By ion-exchange reaction, the entire Na content in Na2FePO4F may

be replaced with Li to yield Li2FePO4F, which exhibits a slightly higher redox

potential than the parent compound because of the more electronegative nature of

Li compared to Na [43]. Later on, the same authors have shown that LiVPO4F//

graphite Li-ion cell delivered a capacity 130 mAh g�1 and an average discharge

voltage of 4.06 V. Long-term cycling at C/5 rate displays a coulombic efficiency

around 90 % after 500 cycles [48].

8.3.7 Other Fluorophosphates

To follow the initial investigation of Barker et al., several compounds of

the same structure have been proposed. Park et al. [89] have prepared the

Li1.1Na0.4VPO4.8F0.8 phase from the pseudo-layered structure Na1.5VPO5F0.5
using an ion-exchange process between Na+ and Li+ in 1-hexanol at its boiling

point (160 �C) under reflux with LiBr as the lithium source. The lattice is made up

of VO5F octahedral and PO4 tetrahedra units, where two VO5F are linked by a

bridging fluorine ion to form V2O10F bi-octahedron. These units are repeatedly

connected in the ab plane via PO4 units sharing oxygen to construct an open

framework having a layer-like spacing into which Na+/Li+ ions are inserted

[90]. This compound shows reversible extraction and insertion of ~1.1 Li+ ions at

an ideal 4 V vs. Li0/Li+ to provide a capacity of 156 mAh g�1 with coulombic

efficiency 98 % after 100 cycles at 60 �C. Among fluorophosphates used as

electrode materials, the layered structure Li5M(PO4)2F2 with M¼V, Cr operates

as 4-V cathodes for lithium-ion batteries [91, 92], but the capacity is lower than

100 mAh g�1.

8.4 Fluorosulfates

Recently, the concept of inductive effect have been applied to replace (PO4)
3� for

(SO4)
2� in polyanionic cathode materials [35, 36, 93–119]. Table 8.3 summarizes

the structural properties of some fluorosulfate compounds. The fluorosulfates

LiMSO4F constitute a wide family showing a good mix of properties, especially,

both electrochemical and safety issues. However, we notice that the electroactive

compounds appeared only in 2010 after the synthesis of newest member of the

tavorite family LiFe2+(SO4)F [36]. For instance, a simple substitution in Nasicon

LixM3(XO4)3 networks increases the redox potential by 800 mV independently of

the 3d transition-metal ion [2]. Recent review by Rousse and Tarascon [119] deals

with the crystal chemistry and structural–electrochemical relationship of new

fluorosulfate polyanionic LiMSO4F electrode materials. The lithiated fluorosulfates

present an interesting family from the view point of crystal chemistry with the three

main types of structure that depend on the nature of the transition-metal ion:
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tavorite (M¼ Fe), triplite (M¼Mn), or sillimanite (M¼Zn). Figure 8.7 shows the

difference between the tavorite (P1 S.G.) and triplite (P1 S.G.) structure.

8.4.1 LiFeSO4F

Single phase tavorite LiFeSO4F cannot be prepared by typical solid-state methods

because its low thermodynamic stability imposes that the crystallization must be

effected at low (<400 �C) temperatures in hydrophobic ionic liquids [36,

100]. Tripathi et al. [99] reported the easy synthesis of LiFeSO4F by reaction in

hydrophobic tetraethylene glycol at 220 �C to give a highly electrochemically

active material. Reversible Li insertion is easy because of the close structural

similarity of the lattice with that of the tavorite-type monoclinic FeSO4F (C21/c
S.G.). LiFeSO4F can be readily oxidized to produce the empty host FeSO4F but the

volume contraction (from 182.4 to 164.0 Å3) is greater than that of the olivine

LiFePO4 framework [99]. The temperature dependence of the magnetic suscepti-

bility gives evidence of a transition to long-range antiferromagnetic order at

TN¼ 100 K in FeSO4F, while such ordering appears at 25 K in LiFeSO4F

[108]. This large increase of TN upon delithiation is not only linked to the change

of valence of the iron ions, since it is not observed in the case of LiFePO4 for

instance. Instead, it gives evidence of the shortening of the bonding path responsi-

ble for the superexchange interactions and is thus another evidence of the large

contraction of the lattice. An ionothermal route (soft chemistry) has been developed

for the synthesis of fluorosulfates [35, 100], in which the nucleation is facilitated by

ionic liquids decomposing at temperatures ~300 �C. In such a synthesis route the

FeSO4∙H2O monohydrate is employed because of the structural similarity with the

LiMgSO4F tavorite [93]. The galvanostatic cycling of ionothermal synthesized

LiFeSO4F at C/10 rate shows a reversible capacity 130 mAh g�1 involving the

Fe2+/3+ redox reaction at 3.6 V vs. Li0/Li+ [35]. Note that the cell voltage is

Fig. 8.7 Schematic representation of the crystal chemistry of the triplite (a) compared with the

tavorite phase (b)
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enhanced by 150 mV over LiFePO4. Ultra-rapid microwave synthesis of triplite

LiFeSO4F has been performed by Tripathi et al. [120]. Using the solid-state

reaction method, the triplite was obtained upon long annealing at 320 �C in

water-containing autoclaves; after 6 days the complete tavorite! triplite conver-

sion was done [110]. The Fe triplite intercalates Li at 3.9 V, which is 0.3 V higher

than its ordered tavorite analogue, attributable to longer Fe-O bond length

[113]. The origin of the voltage difference between the tavorite and the triplite

phase has been discussed by Ben-Yahia et al. [113] from results of DFT+U

calculations. The voltage increase originates from the difference in the anionic

networks of the two polymorphs, due to the change in the electrostatic repulsions

induced by the configuration of the fluorine atoms around the transition-metal

cations. The potential difference between the two LiFeSO4F polymorphs is illus-

trated in Fig. 8.8.

Recently, Ati et al. [110] have discussed the nucleation of the triplite phase of

LiFeSO4F using X-ray diffraction and TEM studies. Besides preparing triplite

LiFeSO4F from dry precursors, it was found that this phase could be obtained

from the tavorite via a heating process at 320 �C for few days. Sobkowiak

et al. [118] demonstrated the dependence of the electrochemical features of the

tavorite LiFeSO4F on the synthesis conditions. The importance of the surface

chemistry has been pointed out and the optimized cycling performance can be

achieved by removing the unwanted residues and applying a conducting polymer

coating such as PEDOT film.

8.4.2 LiMSO4F (M¼Co, Ni, Mn)

The redox potential of the fluorosulfates LiMSO4F (M¼Co, Ni, Mn) are expected

to exhibit redox potentials of 4.25, 4.95, and 5.25 V, respectively. Barpanda

et al. [100] succeeded in preparing the Li(Fe1�xMx)SO4F solid solutions only
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when we used the corresponding monohydrate solid solutions as precursors, hence

providing further evidence for the topotacticity of the synthesis reaction. None of

these fluorosufates was shown to present any electrochemical activity up to 5 V.

Evidently, Co2+/Co3+, Ni2+/Ni3+, and Mn2+/Mn3+ redox reactions do not occur

within the explored galvanostatic cycling potential window, contrary to the case

of the Fe2+/Fe3+ redox reaction. Subsequently, the electrochemical activity of pure

LiMSO4F phases were tested at different rates (C/2–C/10) by cycling up to 5 V

using an aluminum plunger for the cathode. Therefore, even at such high voltages

prone to electrolyte oxidation/decomposition, the activity of the corresponding

M2+/M3+ redox couples did not be triggered. Among the Co-based polyanionic

insertion compounds, Li2CoP2O8 [121] is considered as a 4.9 V cathode. This

pyrophosphate crystallizes in the monoclinic structure (P21/c S.G.), in which Li

occupies five sites; two are tetrahedally coordinated, one forms bipyramidal sites,

and two Li share them occupancy with Co bipyramids. The material synthesized

using a two-step solid-statemethod delivered a discharge capacity of ca. 80mAh g�1

at C/20 rate. Sillimanite-structured LiZnSO4F was produced by low temperature

synthesis (<300 �C). The Li+ ion conductivity has been enhanced by a monolayer

of ionic liquid grafting [115]. On the other hand, it has been pointed out that the

LiMnSO4F polymorph is electrochemically inactive [103]. However, the effect of

Zn substitution in the LiFe1�yZnySO4F forms an electrochemically active solid

solution. The Fe-rich phase is obtained in the triplite structure, while the Zn-rich

phase crystallizes in the sillimanite structure. The redox potentials are observed at

3.6 and 3.9 V vs. Li0/Li+ for the LiFe0.8Zn0.2SO4F (sillimanite) and

LiFe0.9Zn0.1SO4F (triplite), respectively. In the same way, while LiMnSO4F that

crystallizes in the triplite phase is inactive, LiFe1�xMnxSO4F can be electrochem-

ically active. Fe-rich solid solutions (0< x< 0.2) tavorite polymorphs have a redox

activity at 3.6 V close to that of LiFeSO4F and characteristic of the Fe2+/Fe3+ redox

potential in the tavorite structure, with a standard two-phase voltage-composition

curve [102]. On the other hand, Fe-rich LiFe1�xMnxSO4F triplite solid solution

polymorphs show a redox activity at 3.9 V. This value characteristic of the

Fe2+/Fe3+ redox potential in the triplite structure is large. Unfortunately only the

iron shows an activity, so that the capacity decreases linearly with x (120 mAh g�1

for x¼ 0.2 [21]).

8.5 Concluding Remarks

The combination high electronegativity of F with the inductive effect of polyanion

allows for the tuning of the redox potential of many fluorine-based polyanionic

compounds in the electrolytic window, which make them promising electrodes for

Li-ion batteries. Among them LiVPO4F can deliver a capacity of 145–150 mAh g�1,

which is comparable to the capacity delivered by LiFePO4, but the operating

voltage (4.1 V) is larger than that of the olivine (3.45 V). The LiVPO4F//LiVPO4F

cell works at 2.4 V with a reversible capacity 130 mAh g�1 and is safe at 80 �C,
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which is comparable to the LiFePO4//Li4Ti5O12 that also works at this temperature

[122]. However, the performance of LiVPO4F at high C-rates is smaller than that of

LiFePO4, since the capacity reduces to 100 mAh g�1 at 10C in the best case

(preparation by the CRT method). Even at 1C a capacity loss of 14 % is observed

between 800 and 1260 cycles, while that of LiFePO4 is stable under such condition.

Among the other fluorophosphates that we have reviewed, the best results are

obtained with LiFePO4F, which, however cannot be oxidized. Again, the

LiFePO4F!Li2FePO4F reaction gives a reversible capacity of 145 mAh g�1, but

it takes place at an overall potential at 3 V only. An ideal 4 V-battery is obtained

with Li1.1Na0.4VPO4.8F0.8, providing a capacity of 156 mAh g�1 with coulombic

efficiency 98 % after 100 cycles at 60 �C. The corresponding energy density is thus
better than that of LiFePO4 owing to the larger operating voltage. Again, however,

the advantage of LiFePO4 will be its high-rate performance that allows for

higher power densities, and the cycling life that exceeds 30000 cycles at room

temperature [122].

Among the fluorosulfates, LiFeSO4F in the triplite phase is promising, owing to

the high Fe2+/Fe3+ redox potential at 3.9 V, but the kinetics is very sluggish, and

only a small fraction of the lithium can be extracted so far. The voltage is decreased

to 3.6 V in the tavorite phase, but then the capacity is raised to 130 mAh g�1, and

this smaller capacity with respect to LiFePO4 is compensated by the larger voltage.

The capacity of LiFeSO4F tavorite, however, decreases at C-rate lager than 1C, and
this cathode does not operate au 10C rate so far.

At present time, the fluorophosphates and fluorosulfates cannot compete in

energy density with lamellar compounds, and cannot compete in power density

and cycling life with C-LiFePO4. It should be noted, however, that these materials

have been studied for Li-ion battery applications only recently, while it took about

15 years to optimize C-LiFePO4 and bring it to the position of winning a part of the

market. In addition, the structural relationship between the precursor and the final

product underlying the topotactic reaction makes possible the synthesis of many

fluorophosphates and sulfates, and many of them have still to be discovered.

Therefore, the research in this field will be very active in the years to come, justified

by the fact that this family of materials is promising for applications in electro-

chemical energy storage.
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Chapter 9

Disordered Compounds

9.1 Introduction

Until now, the materials investigated to find suitable intercalation host structures for

the positive electrode of electrochemical generators with an alkali metal or silver

anode have been essentially crystalline structures. Yet the discovery in the 1950s of

the semiconducting properties of phosphorus pentoxide-based glasses [1, 2] has

opened the area of amorphous and disordered semiconductors. The amorphous

material structures were considered merely as “accidents” until only recently.

Today, however, they are studied in their own right due to certain interesting

characteristics related to the disordered state. The higher capacity of the amorphous

over crystalline materials, in MoS2, for example, has been pointed out by

Whittingham et al. [3]. This is presumably associated with either the more open

lattice in amorphous compounds or the disordered framework that prevents the

decomposition in some materials. The energy-storage capacity of lithium insertion

in amorphous materials is very high, and some of them are receiving increasing

attention. An intercalation reaction is topotactic in nature, the structure of the host

being changed only by atomic displacements; the reaction does not involve diffu-

sive rearrangement of the host atoms. As an example, for a-MoS3, the initial energy

density on discharge is 1.0 Wh g�1; this may be compared with 0.48 and

0.8 Wh g�1 for crystalline TiS2 and V6O13, respectively. The counterpart of the

amorphous state is the low mobility of Li+-ions in the framework, which is a

limitation for high current densities. However, several examples have shown that

the amorphous phase of cathode active materials can be used for improvement of

cell rechargeability [4–9]. A typical example developed by Sakurai and Yamaki [8]

is a xV2O5�(1� x)P2O5 glassy material, but despite good discharge–charge char-

acteristics, a low rate of the Li+-ion transport has been reported. In the case of

Li1.211Mo0.467Cr0.3O2, the high electrochemical performance is due to the facile

lithium diffusion in the disordered phase; Lee et al. [10] reported that this unex-

pected behavior is due to percolation of a certain type of active diffusion channels
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in the disordered Li-rich framework. Nano-silicon-based disordered carbon com-

posites prepared by mechanical milling and heat-treated at 800 �C have been

examined as anodes of lithium cells showing the charge–discharge capacity

548 mAh g�1 [11].

When we evoke disordered or amorphous materials, the first question is: how to

define them? The classical definition is “an amorphous material is a solid in which

there is no long-range order of the positions of the atoms” (Fig. 9.1). In principle,

this class of materials does not display X-ray diffraction patterns, but other tech-

niques such as FTIR and Raman spectroscopy, NMR, ESR, etc. are used to analyze

the structure at the short-range scale. As an example, the structure of SiO2 is such

that the tetrahedral formed by the SiO4 group must touch each other at their corners,

but can do so at widely varying angles. The result of the flexibility in the bridge

bonds is that SiO2, while it has many crystalline phases, can easily form glasses.

However, amorphous materials have their own characteristics and exhibit new

properties after intercalation for two reasons: the modification of the pathways for

ions in the host lattice and the change in the electronic structure with the appearance

of new states and/or tail of the electronic bands in the energy gap. Since the open-

circuit voltage of a Li cell is the difference between Fermi energies, this kind of

situation explains the lower Voc(a) of an amorphous material compared with respect

to that of the crystalline phase, Voc(c) (Fig. 9.2).

The aim of this chapter is to present a selection of appropriate disordered

materials and to illustrate their properties upon lithium intercalation. This chapter

is organized in six sections as follows. First, in Sect. 9.2, we show an interesting

material of the transition-metal dichalcogenide group (MoS2). Sections 9.3–9.6 are

devoted to transition-metal oxides such as MoO3, V2O5, MnO2, and LiCoO2;

polycrystalline glasses and thin films are examined. Finally, we treat the physico-

chemical properties of disordered spinel structures (LiMn2O4 and LiNiVO4).

Fig. 9.1 Comparison between structures (a) crystalline of quartz and (b) SiO2 glass
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9.2 Disordered MoS2

The electrochemical properties of crystalline molybdenum disulfide (c-MoS2) have

been early reported [3, 12, 13]. The specific energy density of a Li//MoS2 cell is very

low, about 100 Wh kg1, for the utilization as a primary cell. Haering et al. [14] have

discovered that a lithium molybdenum disulfide compound exhibits several distinct

stages of operation when used as a cathode in a battery having a lithium anode. In this

case, the cell is reversible and the specific energy density is twice. The electrochem-

ical properties of a disordered MoS2 (d-MoS2) phase has been reported by Jacobson

et al. [15] and Julien et al. [16, 17]. It has been demonstrated, that by including such a

material in a lithium cell, it is possible to increase the specific energy density for its

possible application in a high-rate rechargeable batteries.

A highly disordered sample of MoS2 was prepared by heat treatment of crystal-

line MoS2 (Ventron) at 400 �C for 4 h under 1 Pa pressure. X-ray diffraction

patterns show an intense but rather broad diffraction (002) line. The structure is a

highly folded but disordered stacking pattern of layered MoS2 with a tendency to

grow in-plane and weak tendency for the layers to stack. The broadness of the

diffracted lines manifests the high disorder lattice of the sample. Figure 9.3 shows

the temperature dependence of the electrical resistivity of d-MoS2. The room

temperature resistivity is 0.3 Ω cm which is a low value compared with

1.25 Ω cm of c-MoS2. Similar influence of the disorder on electrical parameter

has been reported on sputtered MoS2 films [18]. The difference between electrical

characteristics demonstrates that the transport mechanism is driven by the scatter-

ing at inter-crystallite boundaries in d-MoS2. The band-bending at grain bound-

aries, which leads to the formation of potential barriers, is responsible for the low

resistivity of disordered samples.

The typical discharge curve for electrochemical cell containing d-MoS2 is shown

in Fig. 9.4. An initial Voc¼ 2.4 V was observed which dropped continuously to
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Fig. 9.2 Electronic band structure of crystalline semiconductor (SC) (a) and amorphous SC (b)
vs. Li metal. As the open-circuit voltage is given by the difference of the Fermi’s energy,

amorphous SC displays lower open circuit voltage, Voc(a) than the crystalline phase, Voc(c)
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Fig. 9.3 Electrical

conductivity of (a)
disordered MoS2 compared

with (b) crystalline MoS2

Fig. 9.4 Discharge profiles of several Li//MoS2 cells as a function x of Li concentration in

LixMoS2. Phases I and II are the 2H- and 1T-polytype (β-MoS2) of crystalline MoS2, respectively.

Phase III is a thin film grown by rf-sputtering and phase IV is the disordered MoS2 prepared by

heat treatment of crystalline phase at 400 �C for 4 h under vacuum. Insert shows the incremental

capacity of the crystalline phase
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1.1 V at Li3.0MoS2. For comparison, the open circuit voltage (OCV) of the same

cell with crystalline MoS2 cathode is also shown. An abrupt change in OCV

vs. x curve at x� 1 is the indication of the phase transformation discussed above.

The constant part of the curve reflects the two-phase region of the material. The

disordered phase of MoS2 shows significantly higher storage charge-capacity

compared with that of the crystalline form. The discharge curve of d-MoS2 resem-

bles the β-phase discharge curve described by Haering et al. [14]. We remark that

the discharge is not rigorously smooth, since small plateaus appear at 1.9, 1.7, 1.5,

and 1.3 V. However, in the compositional range 0.1� x� 3, the discharge curve

can be fit by the linear expression:

E Voltð Þ ¼ E*� kx; ð9:1Þ

where E*¼ 1.85 V and k¼ 9RT/F have been obtained for a Li//d-MoS2 cell, where

R is the ideal gas constant, and F the Faraday constant. Note also that the two

characteristic plateaus of the OCV vs. x curve observed at 1.1 and 0.5 V for the

2H-MoS2 crystalline samples are not observed with d-MoS2. This result shows that

the disorder stabilizes the solid solution with respect to the two-phase structure.

Figure 9.5 displays the chemical diffusion coefficient in d-LixMoS2 as a function

of the degree of Li insertion. The apparent D* in disordered MoS2 at room

temperature has been calculated on the assumption of uniform Li+ distribution at

any composition in the solid solution electrode. We observe a continuous decrease

of the value ofD*with the increase of lithium content. The high value 10�7 cm2 s�1

of the Li+ diffusion coefficient at low lithium concentration 0� x� 0.2 may result

from the smaller diffusion path length of the lithium ion in the disordered phase

compared to that of crystalline sample. The variation in the diffusion coefficient can

Fig. 9.5 Chemical

diffusion coefficient of

lithium in d-MoS2 as a

function of lithium

concentration. The

diffusivity parameter is

deduced from the potential

step polarization method

9.2 Disordered MoS2 299



be approximated by a relationship of the form D*¼Do exp(�ßx), with

Do¼ 1.7� 10�7 cm2 s�1 and ß¼ 2.8 mol�1 for d-MoS2 [16]. This behavior reflects

the loss of structural integrity on repeated cycles of intercalation and

deintercalation. Nevertheless, even after long-term cycling the Li+ mobility

remains sufficient for practical application of nano-sized d-MoS2 cathode materials.

In fact this is a general feature of most of the insertion compounds [19].

9.3 Hydrated MoO3

Molybdenum is known to exist in a number of oxidation states and a variety of

oxides, sub-oxides, hydroxides, and hydrated complexes [20]. These oxides and

oxide-hydrates of molybdenum in its highest oxidation state display a variety of

structural types involving linked MoO6 octahedra. Of the anhydrous oxides, the

well-known orthorhombic form, denoted α-MoO3 is stable at room temperature and

its structure can be described in terms of layered lattice in which distorted MoO6

octahedra share edges and vertices to form corrugated two-dimensional sheets

separated by a van der Waals gap. According to the X-ray data, molybdenum

trioxide reacts readily with lithium, forming two well-defined discharge products

that are different, but similar to the known high temperature Li2MoO3 phase

[21]. However, MoO3 only reacts with about 1.5 Li/Mo. The typical discharge–

charge profile of the anhydrous α-MoO3 phase is compared with that of hydrated

MoO3∙nH2O (n¼ 0.66, 1.00) materials in Li cell in Fig. 9.6. The electrochemical

lithium insertion into the MoO3 framework can be described assuming the reduction

Fig. 9.6 Typical discharge–charge curves of MoO3-yH2O cathode materials (y¼ 0.0, 0.66; 1.0).

Measurements were carried out at 0.1 mA cm�2 in Li cell using nonaqueous electrolyte 1 mol L�1

LiPF6 in EC-DEC
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from Mo(VI) to Mo(V) and Mo(IV) oxidation states. The capacity of MoO3

observed here is approximately in agreement with the theoretical gravimetric capac-

ity 280mAh g�1. Since theMoO3 reduction process is reversible, the construction of

rechargeable cells is possible. Satisfactory charge–discharge efficiency and storage

capability are other favorable features for MoO3∙nH2O compounds that exhibit

similar electrochemical characteristics. Upon lithiation of LixMoO3, the electronic

conductivity increases from 10�4 S cm�1 for x¼ 0 to ca. 10�1 S cm�1 for

0.3� x� 0.9 [22]. Li diffusion coefficients in LixMoO3 powder depend on x. A
maximum value of ca. 10�9 cm2 s�1 has been reported for x� 0.6. The Li mobility

was shown to slightly decrease upon subsequent discharge–charge cycles due to

irreversible structural andmorphological changes of the host matrix. However, upon

recharging, reoxidation of Mo produces a resistive compound which induces a large

polarization of the cell for potential of �3.5 V (Fig. 9.6). This is very advantageous

from the technology point of view, since this material acts as a self-limiting voltage

medium at the end of the charge. The suitability of molybdenum oxide-hydrates,

MoO3∙nH2O, as cathode materials for nonaqueous lithium batteries has been

assessed by several workers [23–28]. As a result, the discharge capacity of

MoO3∙nH2O increases with decreasing water content, but the cycle life increases

with increasing water content in the composition range 0.33< n< 1.00. Monoclinic

monohydrate, MoO3∙H2O, having one coordinated water molecule, showed a dis-

charge capacity of about 200 mAh g�1 of acid weight and a discharge potential

around 2.5 V vs. Li0/Li+. This cathode material displayed a good charge–discharge

cyclic behavior at a capacity below 1 e�/Mo, while keeping the original layered

lattice on cycling. The oxide-hydrate material prepared by sol–gel [23] shows a good

performance and could be a candidate for practical primary lithium battery. Amor-

phous MoO3∙H2O cathode exhibits stepwise discharge behavior, including two

plateaus; the first step up to 0.3 e�/Mo and the second one up to 1.0 e�/Mo. This

amorphous phase delivers a discharge capacity of 260 mAh g�1 corresponding to

1.5 e�/Mo. On the other hand, the profile of the discharge cell voltage using the

crystalline MoO3∙½H2O cathode is rather monotonous without any plateau. This

electrochemical behavior is attributed to the large cavities available for Li ions

which prevent repulsive forces between inserted ions. Cathodes formed with this

hemihydrate oxide gave a practical energy density of 630 Wh kg�1 for 1.5 e�/Mo.

X-ray diffraction patterns of LixMoO3-½H2O measured after electrochemical titra-

tion show that the monoclinic structure remains largely unchanged upon lithiation

with the strongest (001) Bragg line shifted toward lower angles. This suggests that

during the discharge, Li+ ions are inserted between the layers, leading to a small

increase of the interlayer spacing. This can be explained by a model of rigid

hydrated-MoO3 layers in their original state separated by intercalated Li+ cations.

The electrochemical behavior of nonstoichiometric molybdenum oxides

MoO3�δ suggests that both channel/site size and electronic conductivity are the

predominant factors influencing the extent of reversible lithium incorporation by

metal oxides with framework structures shear-related to those of ReO3 and MoO3.

Distortions and nonequivalence of the sites available for Li+ accommodation should

affect the thermodynamics of the reduction processes. The nonstoichiometric
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molybdenum oxide Mo5O14 (MoO2.8) with framework structure based on mixed

networks of polyhedra is permeated by large open channels [29]. Mo5O14 was

obtained by dehydration and annealing treatment of molybdenum monohydrate at

750 �C. The open-circuit voltage is 3.1 V vs. Li0/Li+ for the Li//MoO2.8 cell. The first

discharge displays a stepped behavior with a voltage plateau at ca. 2.2 V followed by

a potential decline for x> 0.7Li/Mo. The limiting reversible lithium capacity is 1.5

Li/Mo for Mo5O14. This compound can be assigned the following Mo valence

distribution: Mo3
6+Mo2

5+. If reversible lithium incorporation produced all Mo4+,

the expected lithium uptake would be 8/5(1.6) Li/Mo; a value close to that measured

by electrochemical titration. The gravimetric capacity was much higher than the

280 mAh g�1 of anhydrous MoO3. Figure 9.7 summarizes the electrochemical

characteristics of Mo-based lithium cells. According the energy density, three

classes of materials can be distinguished from the voltage-capacity graph.

9.4 MoO3 Thin Films

Molybdenum trioxide thin films can be easily grown by various deposition tech-

niques: rf-sputtering, thermal evaporation, flash evaporation, deep-coating, pulse-

laser deposition (PLD), atomic layer deposition (ALD), etc. providing various

forms of crystal chemistry by tuning the substrate temperatures, Ts, and/or the

oxygen partial pressure, p(O2), in the deposition chamber [30, 31]. For example,

Fig. 9.7 Electrochemical characteristics of lithium/Mo-based cells. Cathode materials can be

classified into three classes according their energy density
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MoO3 films grown by flash-evaporation onto silicon substrates maintained in the

temperature range 30–300 �C revealed a predominant α-phase with a well-defined

(0 k0) orientation. The surface morphological studies show that films prepared in

the range 200–300 �C are crystalline with elongated crystal geometry. The layered

nature of the film is shown on each crystallite [31–33]. Discharge curves of Li//

MoO3 cells with cathode thin film deposited by flash-evaporation method onto

silicon substrate maintained at Ts¼ 30 and 120 �C are shown in Fig. 9.8. These

microbatteries display electrochemical features as follows. The initial voltage 3.2 V

of a Li-cell with MoO3 thin-film is higher than that recorded on the galvanic cell

using crystalline and stoichiometric material. This could be attributed to the

oxygen-deficient structure of MoO3�δ films. The cell voltage decreases continu-

ously as a function of the degree of Li insertion and the steadily behavior is a

function of the structural arrangement in the film, which depends on the substrate

deposition temperature [34]. The electrochemical process seems to be a classical

intercalation mechanism for the lithium ions with no voltage plateau occurring

during the discharge, and 1.5 e� transferred in the host material. The reduction

process is accompanied by coloration of MoO3 films. These results suggest that the

Li+ diffusion is anisotropic and limited by grain boundary effects which affect the

discharge curve. The discharge curve of the cell fabricated with the MoO3 film

deposited at 120 �C (curve b) is quite stable. This can be attributed to the unique

layered structure of α-MoO3 with nanosized grain (43 nm) in the film. A second

possibility is the presence of the mixed α–β phase, which would enhance the

standard potential by 120 mV. A third explanation may be oxygen-defects in the

host structure involving a lower Fermi level in such a semiconducting film that

provides higher open-circuit voltage. This hypothesis is verified for MoO3 films

deposited by rf-sputtering in different partial oxygen pressure in the chamber as

Fig. 9.8 Discharge curves of Li//MoO3 microbatteries including thin films deposited by flash

evaporation method onto silicon substrate maintained at Ts¼ 30 and 120 �C. Measurements were

carried out at current densities 10 μA cm�2
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shown ion Fig. 9.9. As an experimental result, films deposited under p(O2)¼
150 mTorr exhibits a less disordered lattice.

Investigations of the electronic structure of transition metal-oxides, i.e., MoO3

and WO3, have demonstrated that these films show an n-type semiconductor

property due to oxygen vacancies with a large electron affinity (6.7 eV) and

ionization potential (9.7) eV as well as a high work function (6.8 eV). MoO3 thin

films had a valence band edge at 5.3 eV and the conduction band edge at 2.3 eV [35,

36]. In a simplest semiconductor model, electrochemical properties of LixMoO3

films can be illustrated by an electronic band scheme as shown in Fig. 9.10

[37]. The cell voltage can be viewed as the difference in the Fermi energies between

Fig. 9.9 Discharge curves of Li//MoO3 microcells including thin films deposited by rf-sputtering

method onto nickel substrate as a function of the partial oxygen pressure. Measurements were

carried out at current densities 20 μA cm�2

Fig. 9.10 Schematic view

of the electronic band

structure of (a) α-MoO3

crystal and (b) MoO3 thin

film. The energy of the

Fermi level EF lies with the

localized electronic band

upon Li insertion in the host

material
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lithium metal and positive electrode. In MoO3, there are five O(pπ) and three Mo

(t2g) orbitals which interact to form π and π* bands forming the valence and

conduction bands, respectively [38]. The antibonding π* states hold the extra

electrons supplied by the inserted lithium ions. The narrowing of the conduction

band is expected to lead to an increase in the effective mass which will affect the

position of the Fermi energy in LixMoO3 phases. In Li-intercalated MoO3 crystal,

the Fermi energy lies either with the donor level near the bottom of the conduction

band or in the conduction band itself (Fig. 9.10), while in MoO3 films the density-

of-states might show a band in the middle of the gap and the Fermi level lies in the

band. This last description is supported by absorption measurements [31]. Thus, as

α-MoO3 is a semiconductor with a wide band gap of 3.1 eV, the higher voltage

displayed in thin-film cells is attributed to the difference between Fermi levels

(>0.5 eV) in the crystal and thin-film.

The ionic transport properties of Li+ ions into the MoO3 film network were

investigated by the modified galvanostatic intermittent titration technique (GITT)

from the variation of the potential vs. time during a relaxation period following a

short pulse of current in the discharge process [39]. Transport parameters such as

the Li+ chemical diffusion coefficient, thermodynamic factor, and ionic conductiv-

ity are investigated during the Li+ insertion process and discussed with respect to

the crystallinity of the cathode material. Figure 9.11 shows the chemical diffusion

coefficient of Li+ ions as a function of the degree of intercalation in LixMoO3

Fig. 9.11 Composition dependence of the chemical diffusion coefficient, D*, of Li+ ions in MoO3

films deposited by flash-evaporation method onto Si substrate maintained at two temperatures Ts.
D* of α-MoO3 crystal is shown for comparison
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materials. In these experiments, the evolution in the voltage E* after applying a

current pulse at t¼ 0 through the cell obeys the relation:

E* ¼ IWRT

F2c*A

� �
4t

πD*

� �1=2

� t

δ

" #
; ð9:2Þ

where I is the current intensity of the pulse, t the time, c* the Li-ion concentration of
the host, W the thermodynamic factor, A and δ the surface and thickness of the

electrode,T the absolute temperature,F¼ 96485A smol�1 andR¼ 8.314 JK�1mol�1.

The thermodynamic factor is defined as:

W ¼ ∂ lna*ð Þ
∂ lnc*ð Þ ; ð9:3Þ

which a* is the activity of the intercalant species in the solid solution electrode.W is

the ratio between the chemical diffusion coefficient D* and the component diffu-

sion coefficient D0:

W ¼ D*=D0: ð9:4Þ

Equation (9.1) is valid: (1) if the duration of the preceding discharge is longer than a

critical time:

t0 ¼ δ2

4D*
; ð9:5Þ

and (2) for a limited period of relaxation t< t0 of the electrochemical cell. In the

compositional range 0.2� x� 1.2 the values of the chemical diffusion coefficient

of lithium varies from 9� 10�11 to 1� 10�9 cm2 s�1 in the MoO3 crystal. The

compositional dependence of D* is approximately a quadratic function due to the

nature of the empty sites in the host structure. According to the model of Basu and

Worrell [40], the chemical diffusivity is related to the composition:

D* ¼ βx2 1� xð Þ þ x 1� x2
� �

; ð9:6Þ

where β is an interaction parameter related to the repulsive interaction energy

between alkali ions. According to Eq. (9.6) D* shows a maximum at the half-

filling site number. Although the uncertainties in the chemical diffusion data shown

in Fig. 9.11 prelude an adequate test of Eq. (9.6), the maximum in the LixMoO3 data

suggests an interaction energy lower than 0.2 eV, which is consistent with the value

obtained from thermodynamic measurements. The value of the chemical diffusion

coefficient in MoO3 thin films (Fig. 9.11, curves b, c) is lower than in α-MoO3

single crystal.
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For MoO3 films prepared at Ts¼ 60 �C a maximum value of 5� 10�12 cm2 s�1 is

obtained at x¼ 0.8 (Fig. 9.11, curve b). D* varies with the composition x according
to a quadratic law:

D* ¼ κ 2x� x2
� �� �

; ð9:7Þ

where κ¼ 2� 10�12 cm2 s�1. The chemical diffusion coefficient behavior in MoO3

thin film deposited at 250 �Cdiffers from the previous one.We observe thatD* has an
almost constant value of 1.5� 10�11 cm2 s�1 in the range 0.1< x< 1.2 and increases

at higher concentration of intercalant ions. We tentatively attribute this complex

behavior to the polycrystalline state of MoO3 films grown at high substrate temper-

ature for which the enhancement factor is high. In this case, the intercalation process

is partly controlled by the number of ion occupancies in the host lattice of the

crystallite in the film. Figure 9.12 shows the thermodynamic factor,W (in a logarith-

mic scale), as a function of the degree of intercalation in the LixMoO3 host material.

In the compositional range 0.2< x< 1.4,W varies from 1.8 to 30 for MoO3 crystals

(Fig. 9.12, curve a). Considering that MoO3 is a layered host for the intercalant, the

model of ion–ion interaction can be applied. Armand [41] has proposed such a model

to describe the variation of the chemical potential in intercalation compounds. The

thermodynamic factor is related to the interaction factor, g, as:

W ¼ 1� xð Þ�1 þ gx
h i

: ð9:8Þ

Experimental data are well fitted using Eq. (9.8), which provides an interaction

factor g¼ 7.5. This value is of the same order as in TiS2 [42]. The thermodynamic

Fig. 9.12 Thermodynamic

factor of LixMoO3 cathodes:

(a) crystalline α-MoO3

phase and (b) thin film

grown on a substrate

maintained at Ts¼ 250 �C.
Full lines represent the fit
using Eq. (9.8)
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factor of MoO3 thin films varies from 50 to 800 in the compositional range

0.2< x< 1.5. We observe a quasi-linear variation of the composition dependence

ofW which may be associated with the oxygen-defects in the host lattice. It is a fact

that numerous of such defects exist in the film structure, even when the crystallinity

is improved by different conditions of preparation. Here, we remark that W is two

orders of magnitude higher than that for MoO3 crystal. Using Eq. (9.8) a fit of

experimental data is obtained with a high value of the interaction factor (g¼ 400).

Considering that MoO3 films are oxygen-deficient materials, the model of charge

transport in internal defect-materials can be applied [43]. Defects are Li interstitials,

Li*, and conduction electrons, e0, for example. Maeir [44] showed that, in a solid

solution where no internal defect reactions occur, the thermodynamic factor is

related to the defect concentration (if dilute defects exist) as:

W ¼ Φ�1
Li þ Φ�1

e0 ; ð9:9Þ

where Φ�1
Li ¼ cLi*=cLiþ and Φ�1

e
0 ¼ ce0=cLiþ . Equation (9.4) provides a linear

variation of the thermodynamic factor with the degree of intercalation, as shown

in Fig. 9.12 (curve b). The large increase of W may be also associated with the

decrease of the electronic mobility in LixMoO3 film. For the case in which the

chemical diffusion is predominantly determined by ionic species, Eq. (9.4) yields,

with the substitution of D0 by the conductivity σi and the thermodynamic factor, for

the partial conductivity [45]:

σite ¼ F

RT

qc*D*

W

� �
; ð9:10Þ

where te is the transference number defined by:

te ¼ σe
σe þ σi

: ð9:11Þ

By combining the chemical diffusion coefficient and the thermodynamic factor

values, the lithium ion conductivities σi in LixMoO3 materials are shown in

Fig. 9.13. Discharging the cell results in the formation of a mixed conductor; the

compound is an electronic and ionic conductor. If the sample is predominantly an

electronic conductor, i.e., σe>> σi, the ionic conductivity can be deduced from

Eq. (9.8). The conductivity is found to increase with lithium concentration in

LixMoO3 crystal to reach about 1.5� 10�4 S cm�1 at x¼ 0.6 (Fig. 9.13, curve a).

One can remark that the ionic transport parameters in LixMoO3 crystal are compa-

rable with those of LixTiS2 [40]. Figure 9.13 (curve b) displays the lithium ionic

conductivity of MoO3 thin-film cathode. The ionic conductivity is estimated with

an average value of 9� 10�9 S cm�1 at x¼ 0.8. We remark that the Li+ ionic

conductivity is much smaller than for MoO3 crystals. This behavior may be

attributed to the disordered structure of the film. In such a material the conduction
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paths are not defined as well as they are in the crystalline material because in thin

film: (1) the van der Waals plane is not quasi-infinite, (2) the potential barriers are

more important, and (3) the Li+ ions can be trapped by the structural defects.

9.5 Disordered Vanadium Oxides

Amorphous vanadium oxides were obtained by quenching molten mixtures of V2O5

with glass formers such as P2O2, TeO2, and GeO2. Lower valence transition-metal

ions are generally produced due to the loss of oxygen from the melt resulting in a

mixed valence in the glass and in an enhanced semiconducting conduction, which

occurs by electron hopping between V4+ and V5+ states. Transition-metal oxides

(TMO) glasses have some potential advantages over crystalline solids for use as

cathode materials in high energy density lithium batteries [37]. For instance, the

superior performance was attributed to the diffusivity of Li+ ions that is larger in

glass V2O5 than in polycrystalline materials [46, 47]. Nabavi et al. [48] reported the

electrochemical properties of amorphous V2O5 positive electrode prepared by

splat-cooling from the pure oxide melted at 950 �C in air. The amorphous oxide

is able to give LixV2O5 phase via electrochemical insertion of Li+ ions with

reversible uptake of 1.8Li+ per V2O5. Figure 9.14 displays the discharge curves

of various vanadium-based cathodes in lithium cells. These results show clearly the

Fig. 9.13 Partial ionic conductivity of LixMoO3 cathodes: (a) crystalline α-MoO3 MoO3 phase

and (b) thin film grown at Ts¼ 250 �C
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glasses xV2O5� (1� x)P2O5 exhibit good electrochemical features. Contrary to

crystalline V2O5, the discharge potential continuously decreases with the amount of

inserted Li+ suggesting that no phase transition occurred in the amorphous material.

In particular, the composition 0.66V2O5�0.4P2O5 showed reversible insertion

process leading to a high voltage of 3.6 V vs. Li0/Li+, a small degree of lattice

expansion of about 2 % in volume and a large stored energy density of

750 Wh dm�3. Sakurai et al. [49] demonstrated the rechargeability of the Li//

xV2O5∙(1�x)P2O5 systems by cycling the 95:60 mol.% V2O5 in the voltage range

2.0–3.5 V at current density 0.5 mA cm�2. Figure 9.14 presents the discharge

curves of several vanadium-based electrodes including V2O5-type glasses and

disordered V6O13 compared to crystalline vanadium pentoxide.

Amorphous vanadium oxide thin-film electrodes synthesized by various

methods including thermal evaporation [50], flash-evaporation [51], rf-sputtering

[52], pulse-laser deposition (PLD) [53], electron-beam evaporation [54], xerogel

method [55], sol–gel casting [56] were all investigated for their Li+ ion intercalation

capabilities. The microstructure of V2O5 film, which is very sensitive to the growth

conditions, strongly influences their performance in thin-film solid-state

microbatteries and other electrochemical devices [57]. Among the V2O5·nH2O

materials with n¼ 1.6, 0.6, and 0.3 prepared from the sol�gel route the

V2O5·0.3H2O film exhibits the best Li+ intercalation performance, with an initial

capacity of 275 mAh g�1 and a stabilized capacity of 185 mAh g�1 under a high

current density of 100 μA cm�2 after 50 cycles. Such an enhanced electrochemical

Fig. 9.14 Discharge curves of disordered vanadium oxides compared with crystalline V2O5 (a):
V2O5-P2O5 glass (b), 0.8V2O5-0.2Fe2O3 glass (c), 0.67V2O5-0.33CuO glass (d) and disordered

V6O13 material
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property by thermal treatment is ascribed to the reduced water content, the retained

interlayer spacing and the dominant amorphous phase in the film [56]. Specific

capacity and cyclic stability of Li+ ion intercalation in V2O5 films could be

attributed to surface defects V4+ and/or V3+ associated to oxygen vacancies in

less crystallized vanadium pentoxide. Note that the specific capacity is limited

because the valence of the metal cations fixes the number of electrons withdrawn

from each metal center [58–61]. Swider-Lyons et al. [62] discussed the point

defects introduced into the oxide network using various heat-treatment to modify

the defective structure of polycrystalline V2O5. The V2O5 cathode half-cell reaction

can be expressed in the Kr€oger-Vink notation under the form of the following

equilibrium reaction in defective oxides [63]:

V x
V þ O x

O þ Liþsolð Þ þ e� ! V
0
V þ OLi�O; ð9:12Þ

in which Vx
V designates a V5+ ion at a vanadium site in the V2O5 lattice, and Ox

O is

an O2� ion on an oxygen site. In Eq. (9.7), one considers that one electron is

consumed when a Li+ from an electrolyte solution (Liþ
solð Þ ) inserts into a V2O5

cathode and a V5+ ion is reduced to V4+. The occupation of the V5+ site with a V4+

ion results in an effective one-negative charge on it, and is denoted by V
0
V. The

inserted Li+ ion is associated with an oxygen site, OLi�
O
, and has an effective

on-positive charge (•). The Li+ ions are alternatively introduced into an interstitial

site, written as Li�
i
. As an example of electrochemical properties of vanadium oxide

thin-films, Figure 9.15 presents the discharge curves of Li//V6O13 microbatteries as

Fig. 9.15 Discharge profiles of Li//V6O13 microbatteries as a function of the substrate tempera-

ture, Ts compared to the response of Li//V6O13 crystal. Measurements were carried out at

10 μA cm�2
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a function of the substrate temperature Ts compared to the response of Li//V6O13

crystal [58]. It is worth noting the influence of the substrate temperature on the

electrochemical characteristics of the active cathode films. The film V6O13 depos-

ited at Ts¼ 25 �C displays the typical discharge curve of an amorphous material

with uptake of 1Li per vanadium, while the discharge profile of the film deposited at

Ts¼ 250 �C resembles to that of V6O13 crystal with the appearance of a plateau at

~2.2 V vs. Li0/Li+. These electrochemical features can be assigned to the modifi-

cation of the electronic states in the 3d-subband, induced by the distorted V6O13

film structure and the change in V�V distance [64], responsible for the shift of the

OCV. The chemical diffusion coefficients of LixV6O13 remain constant over the

composition range 0� x� 6 with a mean value of 10�13 cm2 s�1. This value is

about three orders of magnitude lower than that of the stoichiometric phase, which

is typical of less structured material such as in LiMn2O4 films [65]. Note that the

diffusion path through the cavities extending in the (010) direction of the 3D

framework of V6O13 is sensitive to the synthesis conditions. The difference

between the oxide prepared in crystalline form and the films can thus be ascribed

to differences in lattice perfection, i.e., static disorder or short chains with

undistorted cavities [58].

9.6 LiCoO2 Thin Films

Polycrystalline thin films of lithium cobalt oxide were grown by PLD technique

[66, 67]. Films of LiCoO2 were deposited onto Si substrates heated at temperature

lower than 300 �C from a sintered composite target (LiCoO2 + Li2O) irradiated with

a Nd: YAG laser. Under these deposition conditions, i.e., substrate temperature and

partial oxygen pressure temperature, LiCoO2 films grown from target without Li2O

additive display the presence of cobalt oxide impurities. In addition to the peaks

belonging to LiCoO2, two small peaks attributed to Co3O4 are present at 2θ¼ 45

and 59�. Moreover, a large peak around 2θ¼ 70� is observed that could be mainly

associated to the silicon substrate. As the amount of Li2O increased in the target, the

XRD patterns develop features expected for the regular layered phase. They are

indexed using the R3m symmetry. Figure 9.16 illustrates a highly textured (003)

film obtained when a target with 15 % Li2O was used. The X-ray diffraction pattern

displays three sharp and intense peaks at 2θ¼ 19, 38 and 58�, which are unambig-

uously attributed to the (003), (006), and (009) Bragg lines, respectively. That of

LiCoO2 films deposited at low substrate temperature reveals the amorphous nature

of the layer. The typical peaks of the polycrystalline layered phase in LiCoO2 films

appear upon increasing the substrate temperature (Ts¼ 300 �C) in oxygen partial

pressure P(O2)¼ 50 mTorr using a lithium-rich target. The cobalt-oxygen frame-

work is well defined in this structure [66].

LiCoO2 films obtained by PLD with polycrystalline morphology were success-

fully used as cathode materials in lithium microbatteries. Typical charge and

discharge curves of a Li//LiCoO2 cell using pulsed-laser deposited film grown at
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Ts¼ 300 �C are shown in Fig. 9.17. Electrochemical measurements was carried out

at a rate C/100 in the potential range 2.0–4.2 V; as such, the voltage profile should

provide a close approximation to the OCV. The cell-voltage profiles display the

typical profile currently observed for LixCoO2 cathodes. From the electrochemical

features, we can make the following general remarks. An initial voltage about

2.15 V vs. Li0/Li+ was measured for LiCoO2 thin-film cathode cells, which is

lower than the value recorded on galvanic cell using crystalline cathode [68]. The

cell voltage is a function of the structural arrangement in the film and thus depends

on the substrate deposition temperature (Fig. 9.17). These potentials slightly

increased for films grown at high substrate temperature. This is consistent with

many literature data and ensures that at Ts¼ 300 �C the material particles are

electrochemically active [68]. Specific capacity as high as 158 mC cm�2 μm was

Fig. 9.16 X-ray diffraction

patterns of LiCoO2 powder

used as PLD target and

LiCoO2 textured film grown

into 50 mTorr O2 partial

pressure

Fig. 9.17 First charge–

discharge curves of a Li//

LiCoO2 microbatteries

using a LiCoO2 films grown

by PLD technique in

50 mTorr oxygen pressure

onto substrate heated in the

range 25� Ts� 300 �C
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measured on LiCoO2 polycrystalline films [67]. The capacity of films with a layered

(R3m S.G.) structure appears to be strongly dependent on the morphology that is

greatly influenced by the substrate temperature and the nature thereof. As an

example, Fig. 9.18 shows the variation of the specific capacity of the Ni-rich

LiNi0.80Co0.15Al0.05O2 (NCA) films deposited onto three different substrates: Ni

foil, Si wafer and ITO/glass. As an experimental result, NCA cathode deposited

onto nickel at Ts¼ 500 �C by PLD technique exhibits the highest specific capacity

of �100 μA cm�2 μm.

9.7 Disordered LiMn2O4

Among the most promising compounds for Li-ion battery electrodes, the 3D spinel

LiMn2O4 is able to reversibly uptake about 0.5 Li per transition-metal atom

[69]. However, there are some problems that postpone its implementation, such

as difficulties encountered in controlling cationic order/disorder in these systems

during either their synthesis or cycling [70]. Other problems associated to cationic

distribution within LiMn2O4 are also severe because spinel compounds of general

formula AB2O4 are prone to cationic mixing between tetrahedral and octahedral

sites, leading to either normal [A]Tet.[B2]Oct.O4 or inverse [B]Tet.[AB]Oct.O4 spinels.

LiMn2O4 was shown to be a normal spinel, but deviations from such a cationic

distribution exist depending on the synthesis history, namely annealing temperature

and cooling rate of the material. Here, we present the properties of two LiMn2O4

Fig. 9.18 Specific capacity of Li//LiNi0.8Co0.15Al0.05O2 cells as a function of the substrate

temperature. PLD films were grown onto various substrates at 25� Ts� 300 �C in p(O2)¼
50 mTorr. Films deposited onto Ni foil exhibit the best discharge capacity
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spinel oxides, the first material was synthesized by the combustion urea-assisted

method [71] and the second one was obtained by milling of MnO2 and Li2O.

Using a wet-chemical technique assisted by urea as combustion agent, LiMn2O4

spinel oxides exhibit grains with a quite small domain size of 0.5 μm The voltage

composition profile for a Li//LiMn2O4 using a spinel electrode synthesized by

wet-chemical technique assisted by urea as combustion agent is shown in

Fig. 9.19. In the voltage domain between 3.0 and 4.5 V, the charge–discharge

curves correspond to the voltage profiles characteristic of the spinel LiMn2O4

cathode material associated with lithium occupation of tetrahedral sites, in agree-

ment with previous works. From the variation of the cell potential with x in

LixMn2O4, one can distinguish the presence of two regions. The shape of the

voltage curves indicates whether the delithiated LiMn2O4 exists as a single- or a

multiple-phase. In the latter case the potential is expected to be essentially invariant

with composition. The first region (I) is characterized by a S-shaped voltage curve,

whereas the second region (II) corresponds to a plateau portion. In region I, the

charge voltage increases continuously in the voltage range of 3.80–4.05 V. In

region II, the charge voltage is stable around 4.10 V. The lithium extraction/

insertion reactions in regions I and II proceed in a matrix having a cubic symmetry.

In the region II corresponding to the upper voltage plateau, a two-cubic phase

system is recognized, whereas the region I is attributed to a single cubic phase

characterized by an S-shaped voltage curve. The upper 4-V plateau provides a

capacity over 110 mAh g�1 based on the active material utilization with an

excellent cyclability [71].

Mechano-chemical technique is an efficient method to obtain high dispersed

compounds directly during mechanical activation at room temperature

[72]. LiMn2O4 was synthesized by mechanical activation in plenary mill with steel

balls from the mixture Li2O and MnO2 electrochemically activated (EMD) [73].

Fig. 9.19 The voltage

composition profile for a

Li//LiMn2O4 using a spinel

electrode synthesized by the

combustion urea-assisted

method. The cell was

charged and discharged

at current density

0.05 mA/cm2

9.7 Disordered LiMn2O4 315



Evolution of the structure upon mechano-milling is as follows. After 1 h of grinding,

the major peaks of a spinel-type phase are visible. Higher milling times, between

2 and 8 h, lead to a better crystallization of the materials. The narrowing of the X-ray

peaks (i.e., better crystallization) may be correlated to a decrease in the lattice strain

and an increase in the crystallite size, which slightly varies from around 20Å after 1 h

of grinding to 80 Å after 8 h of grinding, respectively. Further grindings (tm	 10 h)

lead to a decomposition of the Li-Mn-O spinel-type oxides coupled with the appear-

ance of new phases mainly identified as Mn2O3. The evolution of the cell parameters

with milling time for non-reactive and reactive grinding are reported in Fig. 9.20. In

both cases, the lattice parameter acub increased with milling time, and with the

synthesis temperature. The 8.238 Å value, slightly smaller than 8.247 Å reported in

the literature for stoichiometric LiMn2O4, indicates a small departure from the

Li/Mn¼½ ratio for the ceramic sample [74]. The strong increase in the cell param-

eter from 8.238 to 8.318 Å after non-reactive grinding during 5 h is still not

completely understood. Indeed, to our knowledge, such a high cell parameter value

has never been reported for spinel-type lithiated manganese oxides. In the literature, a

cubic parameter acub higher than 8.24 Å is generally attributed either to an excess in

lithium or an oxygen deficient spinel. Xia et al. [75] determined an 8.2485Å value for

ceramic LiMn2O4 heat treated 700
�C for 24 h in air exhibiting an oxygen deficiency

of 0.08 (e.g., Li0.938Mn2O3.92).

The product prepared by reactive milling for 5 h shows a rather disordered spinel

structure as observed by Raman scattering spectroscopy (Fig. 9.21a). For this

compound the Raman active A1g mode at 625 cm�1 is shifted to 633 cm�1 and

broadened in comparison with that of a λ-LiMn2O4 ceramic. This disordered

structure is also at the origin of the electrochemical behavior shown in Fig. 9.21b.

The first charge–discharge curve recorded at the C/10 rate shows deviation from the

standard electrochemical profile of LiMn2O4 spinel. We do not observe the

Fig. 9.20 Evolution of the

lattice parameters of

ceramic LiMn2O4 ( filled
triangle) and mechano-

synthesized Li-Mn-O

( filled square) with
grinding. acub is given with

an accuracy of 0.01 Å,
whereas due to a large

inaccuracy on its value, the

10-h ground ceramic lattice

parameter is not reported.

The dashed line points out
the lattice parameter

acub¼ 8.247 Å for

stoichiometric LiMn2O4
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characteristic plateaus at 4.05 and 4.15 V occurring during in the charge process.

This is attributed to the strong distortion of the MnO6 octahedra as evidenced by the

red shift of the A1g Raman mode.

9.8 Disordered LiNiVO4

Among the various vanadates, crystallized LiNiVO4 shows promising electrochem-

ical behavior as a 4-V electrode material [76–78]. Crystallized LiNiVO4 synthe-

sized by the classical high-temperature route can reversibly react with about seven

Li ions per transition metal when discharged to voltages lower than 0.2 V [79], so

that specific capacities as 800–900 mAh g�1 could be achieved. This vanadate was

shown to become amorphous upon the first electrochemical discharge, which must

be performed at a slow cycling rate to ensure a proper function of the electrode

material upon subsequent cycles.

LiNiVO4 has been synthesized by a wet-chemical method, which consists of a

low-temperature reaction assisted by glycine as combustion agent. The powder

mass was annealed at 350 and 500 �C in air for 6 h for improving the crystallinity of

the LiNiVO4 final product. XRD date show that LiNiVO4 belongs to inverse spinel

structure (space group Fd3m�Oh
7) with a cubic lattice parameter of 8.222 Å. The

pentavalent vanadium is located on the tetrahedral (8a) sites, whereas Li and Ni are
distributed on the octahedral (16d ) sites, the distribution being disordered. Fig-

ure 9.22a presents the voltage-composition curve for the Li insertion into an

amorphous LiNiVO4. Upon the first reduction, LiNiVO4 reacts with ten Li ions

per Ni, while only seven Li/Ni can be removed after subsequent recharges.

Fig. 9.21 (Left) Raman spectra of λ-LiMn2O4 spinel and disordered spinel grown by mechano-

synthesis from the MnO2-Li2O mixture. (Right) The first charge–discharge of the disordered

LiMn2O4 sample
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Figure 9.22b shows the Raman spectra of Li intercalated LiNiVO4 phase.

Spectra were recorded at the beginning of the two plateaus at 0.9 and 0.4 V

occurring during the Li//LiNiVO4 cell discharge (Li intercalation). These plateaus

should be at the origin of biphasic transformation due to the high reduction of

vanadium ions. The Raman features of LiNiVO4 have been discussed elsewhere

[78]. The spectra are dominated by a broad band in the 700–850 cm�1 region, which

is assigned to a vibration between the oxygen and the highest-valency cation. This

vibration corresponds to the stretching mode of VO4 tetrahedron having the A1

symmetry, whereas the band situated at 335 cm�1 corresponds to the bending mode

of VO4 tetrahedron with an E symmetry. Therefore, one observes either the bending

vibrations of VO4 tetrahedron or the vibrations involving the NiO6, LiO6 octahedral

environments. If one considers that all the Li ions are accommodated in octahedral

LiO6 environments, the F1u modes are normally split into (A + 2B) Raman-active

and IR-active components. Therefore, IR modes having (A+ 2B) symmetry are

intense, whereas Raman modes are expected to be very weak. These two modes

are observed at 416 and 435 cm�1, respectively. As shown in Fig. 9.22b, there are

important modifications of the Raman spectra of LiNiVO4 upon Li intercalation.

When the cathode is discharged, the stretching mode of VO4 tetrahedra is shifted

toward the low-wave number side corresponding to the reduction of the highest-

valency cation. At 0.6 V the Raman efficiency is very weak. Thus, the host lattice is

highly intercalated and the Raman peaks of LiNiVO4 decrease and a strong

luminescence band appears at about 1.8 eV for Li5NiVO4.

Fig. 9.22 (a) The voltage-composition curve for the Li insertion into an amorphous LiNiVO4.

(b) Raman spectra of a LiNiVO4 cathode discharged at 1.0 and 0.6 V vs. lithium anode
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Chapter 10

Anodes for Li-Ion Batteries

10.1 Introduction

Lithium-ion batteries (LiBs) have made considerable progress since the first

commercial one by Sony in 1991, which had LiCoO2 and graphite as active

elements of the positive and negative electrodes, respectively. The LiBs are now

the primary energy storage devices in the transportation and communications, from

portable use in computers, up to electric and hybrid vehicles. More recently, they

have also been used as back-up supply units, frequency regulators (load leveling) to

integrate on smart grids the electricity produced by windmills and photovoltaic

plants (for a recent review, see [1]). These applications require high energy

densities, high power, and safety among others. Considerable efforts have been

made to propose other electrodes to fulfill these requirements. We have recently

reviewed the works and progress concerning the materials for the positive electrode

[2–6]. The present work is devoted to the materials for the negative electrode

counterpart. It is common to use the terminology anode and cathode for the

negative and positive electrodes, respectively, although the electrodes play alter-

natively the role of anode and cathode during the charge and discharge process. We

shall use this terminology in the following for conciseness purposes only.

An ideal active anode element should fulfill the following requirements as

follows: (1) It must be light and accommodate as much Li as possible to optimize

the gravimetric capacity. (2) Its redox potential with respect to Li0/Li+ must be as

small as possible at any Li-concentration. The reason is that this potential is

subtracted to the redox potential of the cathode material to give the overall voltage

of the cell, and smaller voltage means smaller energy density. (3) It must possess

good electronic and ionic conductivities since faster motion of the lithium ions and

the electrons also mean higher power density of the cell. (4) It must not be soluble in

the solvents of the electrolyte and not react with the lithium salt. (5) It must be safe,

i.e. avoid any thermal runaway of the battery, a criterion that is not independent of

the previous one, but deserves special attention, especially for use in transportation
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such as electric vehicles and planes. (6) It must be cheap and environmentally

friendly. The different materials proposed as anode elements for Li-ion batteries

must be discussed with respect to these different criteria.

The graphite is still the most used anode material and is still the reference. The

first works giving evidence of the insertion of lithium in graphite date from 1955

[7], confirmed by the synthesis of LiC6 in 1965 [8]. The synthesis of LiC6, however,

was not obtained by electrochemical process at that time. Another decade was spent

before Besenhard and Eichinger discovered the reversible intercalation of lithium in

graphite, proposing this material as an anode in 1976 [9, 10]. Increasing the Li

content in LiC6 is possible [8], but no reversible cycling beyond LiC6 could ever be

obtained. The graphite anode can thus be cycled between Li and LiC6, at which the

stage I intercalation is achieved with the Li atoms located between the carbon

planes. The theoretical capacity associated to the cycles between C and LiC6 is

372 mAh g�1. Therefore, the requirement labeled (1) in the previous section is not

very well satisfied: one goal of the research on anode material is the increase of this

capacity. There is a tendency, however, to focus too much attention on this

parameter. The reason is that the capacity is limited more by the cathode than the

anode element: typically, the capacity of a cathode element is in the range 140–

200 mAh g�1. The gain in capacity of the total cell by increasing that of the anode

element alone is thus limited [11]. This is illustrated in Fig. 10.1, which shows that

the total capacity of an 18,650-type cell as a function of the anode capacity. The

total capacity almost saturates when the anode capacity reaches typically

500 mAh g�1. On the one hand, it shows that the tests of anode materials that are

usually performed on half-cells (i.e. with lithium metal counter-electrode) are

misleading. On the other hand, the capacity 372 mAh g�1 of the graphite is

significantly below this saturation limit, and the research on anodes with higher

capacity is clearly justified. The requirement (2) is well satisfied, since the potential

of graphite versus Li metal is only 0.15–0.25 V. So is the requirement (3). Graphite

is a semimetal with an electronic conductivity at room temperature that exceeds

Fig. 10.1 Total capacity

of a 18,650 Li-ion cell as a

function of the anode

capacity, for two cathodes

having capacities 140 and

200 mAh g�1. Reproduced

with permission from [11].

Copyright 2007 Elsevier
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10�3 S cm�1, while LiC6 is a metal with a high Li ion mobility 10�8–10�10 cm2 s�1.

Requirement (4) poses questions. The graphite must be protected against side

reactions with the electrolyte. This is the role of ethylene carbonate (EC) that is

used as a solvent in the electrolyte of batteries with graphite anode. Owing to the

EC-based solvent, a solid-electrolyte interface (SEI) is formed at the surface of

graphite particles during the first cycles. This SEI prevents excessive solvent

intercalation and acts as a good Li ion conductor [12–16]. Moreover, it protects

the strongly reducing LiC6 formed at the end of charge from direct contact with the

electrolyte. On another hand, the use of more conductive solvents such as propylene

carbonate (PC) is forbidden with graphite, because of side reactions, and the flow of

Li ions arriving on the graphite must be small enough to give the ions the time to

insert into the graphite, otherwise the Li deposition generates safety issues [17,

18]. Therefore, efforts on the research for new cathode elements also aim to find

materials that are more performing with respect to the criteria (4) and (5).

Concerning the requirement (6), graphite is not expensive, except specialty graph-

ites like MesoCarbon MicroBeads (MCMB) graphite or microcrystalline graphite

that imply expensive manufacturing processes.

One can easily understand from this discussion that it is difficult to replace

graphite, since it satisfies many requirements. The only alternative anode that has

been introduced on the market is the composite Sn/Co/C developed by Sony in

2005 [19]. Here, Sn is the electro-active element, which exemplifies the efforts that

are made in research on the so-called alloy anodes including metals metalloids, and

alloy-compounds reviewed in [20]. Cobalt and carbon are inactive matrix elements

that help in better cycling. A reversible capacity circa 400 mAh g�1 has been

achieved, which is comparable to that of graphite, but the advantages are an

increase of safety and a lower cost with respect to specialty graphite. Another

anode, Li4Ti5O12, is very promising and this material is already commercialized,

but the batteries equipped with this anode are still made at the laboratory scale.

Results obtained with this anode prior 2010 have been reviewed in [21]. The active

research of topical interest has motivated many reviews on the other anode com-

pounds as well through the last decade [22–67]. They include metal-containing

anodes in the form of metals, intermetallics [20], oxides, and oxysalts including

phosphates and carbonates [22], vanadium oxides [34], molybdenum oxides [34,

68], TiO2-based nanostructures [15, 31, 35, 38, 53, 69–73], more generally conver-

sion electrodes [27, 74] including fluorides [27, 75], sulfides [27], selenides [25],

nitrides [27], phosphides [25, 27], antimonides [25], and graphene-based

nanocomposites [76]. Different reviews have also been focused on silicon anodes

[77–86], which illustrates the tremendous amount of works on this very promising

anode, boosted by the new nanotechnologies from which various advantages are

expected: (1) nano-sized active particles can suffer huge dilatation/contraction

upon Li insertion/extraction without damage, contrary to bigger particles. (2) Larger

surface to volume ratio implies a larger specific capacity, and a larger contact area

with the electrolyte leading to high lithium-ion flux across the electrode/electrolyte

interface. (3) Lithium diffusion and electronic conductivity are improved due to the

reduction of the electron and Li path length, leading to batteries with enhanced

10.1 Introduction 325



power capability. Therefore, many works have been devoted to the synthesis and

analysis of the properties of the nano-sized anode particles that have been specif-

ically reviewed [49, 87]. Some reviews have been focused on such nano-particles

based on carbon (carbon nanotubes, graphene composites) [41, 88–93].

The aim of the present chapter is to review the different works that have been

accomplished on the different types of anode materials that have been proposed

recently, focusing attention on the tremendous amount of work that has been done

in this field during the last 5 years. Elder works can be readily found in the different

reviews that have been cited in this introduction. A comparative study is made

between the different anodes with respect to the requirements (1)–(5) we have

listed.

10.2 Carbon-Based Anodes

Two types of carbon can be used as active anode materials [94, 95]: soft carbon,

also called graphitized carbon where crystallites are oriented almost in the same

direction, and hard carbon where crystallites have disordered orientations. Both are

used in lithium-ion batteries, but they do not have the same properties.

10.2.1 Hard Carbon

Before the recent results obtained with soft carbon anodes, hard carbon had the

advantage of higher reversibility and high reversible capacity. Currently, the

capacity of hard graphite is in the range 200–600 mAh g�1 [96–100]. Usually,

the problem with hard carbon is not the capacity, but the poor rate capability

coming from the slow diffusion process resulting from the many voids and defects

associated to the random alignment of the graphene sheets. This problem seems to

have been overcome in nano-porous hard carbons synthesized from pyrolyzed

sucrose, which deliver a reversible capacity 500 mAh g�1 with a good cycle life

and a good rate capability due to the fast lithium diffusion 4.11� 10�5 cm2 s�1 for

hierarchical nanoporous hard carbon [101].

10.2.2 Soft Carbon

The most popular graphite) materials commercialized for anodes are Mesocarbon

Microbead (MCMB), Mesophase-pitch-based carbon fiber (MCF), vapor grown

carbon fiber (VGCF) and Massive Artificial Graphite (MAG). These soft carbon

anodes have a long cycling life and a coulombic efficiency larger than 90 % [54,

102–106]. Their specific capacity is close to the theoretical value 372 mAh g�1
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corresponding to the formation of LiC6, which, as discussed in the introduction, is a

limiting factor, and efforts are currently done to improve this capacity [107]. Two

approaches are investigated: use porous carbon, and nano-sized carbon. Actually,

mesoporous carbon is also a form of nano-sized carbon. For instance, the length of

the mesoporous carbon that delivered a capacity of 1100 mAh g�1 in the first cycle

and 850 mAh g�1 in the 20th cycle in [108] was 10.5 nm, the uniform size of the

pores was 3.9 nm, and the thickness of the carbon wall was 6.6 nm. Indeed, the

nano-sized carbon under its various forms (nanotubes, nanorings, graphene) is most

promising. The idea is to decrease the size to such a small scale (typically 10 nm)

that quantum confinements of the electron states modify the electronic structure and

electronic properties with respect to those of the bulk material. This modification

introduces novel properties that are beneficial to the storage capacity by removing

the limitation of the capacity to 372 mAh g�1 [109–114]. Not only quantum effects,

but also the increase of the number of storage sites available for the lithium ions in

small closed spaces in nanostructured carbon has been proposed to explain the large

capacities that have been observed [99, 115, 116]. One example is provided by

carbon nanorings with 20 nm outer diameters and 3.5-nm wall thickness (Fig. 10.2),

which deliver a capacity 1200 mAh g�1, and over a hundreds of cycles at the

current density of 0.4 A g�1. Even at the higher current rates of 45 A g�1, the

capacity is as high as 500 mAh g�1 [117].

10.2.3 Carbon Nanotubes

Carbon nanotubes (CNTs) are often used together with other active anode elements

to improve the electrochemical performance by taking advantage of their superior

electronic conductivity, mechanical and thermal stability [107, 118]. The CNTs are

divided into single (SWCNTs) and multiwall (MWCNTs) depending on their

thickness and the number of coaxial layers. The highest reversible capacity is

predicted for SWCNTs and is estimated to be 1116 mAh g�1 in stoichiometry

LiC2 owing to the intercalation of lithium into stable sites located on the surface of

pseudographitic layers and inside the central tube as well [119–122]. This theoret-

ical prediction is confirmed by experiments, since purified SWCNTs, produced by

laser vaporization procedure, yield a capacity larger than 1050 mAh g�1 [123], the

largest capacity obtained with SWCNT anodes. This performance has been

obtained for a purified SWCNT obtained by laser vaporization. It is very difficult,

however, to prepare CNTs that do not contain defects or impurities that degrade

importantly the reversible capacity and the coulombic efficiency. Therefore, many

efforts are presently devoted to the mode of preparation [107, 119], and the

morphology (thickness, porosity, shape) [124, 125].

Until recently, MWCNTs had not reached the same performances as the

SGCNTs. Commercial MWCNTs have a typical capacity close to 250 mAh g�1.

After purification, the capacity raises to a 400 mAh g�1. However, chemically drilled

MWCNT (DMWCNT) has been prepared recently by solid state process [126].
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In this work, cobalt oxide particles have been deposited on the surface of the

nanotubes, and have been removed after an oxidation process, leading to 4 nm-

sized holes. The reversible capacity of the DMWCNT cycled between 0.02 and 3.0 V

exceeded 600 mAh g�1, remaining constant over the 20 cycles were the material has

been tested. An improvement has been achieved for an interface-controlledMWCNT

structure, synthesized through a two-step process of catalyst deposition and chemical

vapor deposition (CVD) and directly grown on a copper current collector [127],

Fig. 10.2 Schematic

illustrations and HRTEM

images of the different

stages in the fabrication of

carbon nanorings (CNRs)

in the cobalt(II)–aluminum

(III) layered double

hydroxide (LDH)

containing co-intercalated

dodecyl sulfonate (DSO)

anions and methyl

methacrylate (MMA)

CoAl–DSO–MMA–LDH

matrix: (a) the (CoAl–
DSO–MMA–LDHCoAl–

DSO–MMA–LDH

precursor, (b) CoAl–DSO–
MMA–LDH after

calcination in an Ar

atmosphere at 800 �C and

(c) isolated CNRs obtained

after dissolution of the

matrix. Reproduced with

permission from [117].

Copyright 2013 Wiley
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which delivered a capacity 900 mAh g�1 and no capacity degradation up to 50 cycles.

The best result with MWCNTs so far has been obtained through directly applying a

10 nm thick layer of Al2O3 by atomic layer deposition (ALD) on the MWCNTs

anode; the resultant anode demonstrated a stable capacity of 1100 mAh g�1 in

50 charge–discharge cycles at the current rate of 372 mA g�1 [128]. The effects of

the ALD-Al2O3 coating have been understood by simulations showing that the

coating effectively blocks electron tunneling to the adsorbed EC molecules of the

electrolyte, and thus decreases the decomposition of the electrolyte [129]. Therefore,

both the experiments and the simulations show that the ALD-Al2O3 coat acts as an

“artificial” SEI. Note, however, that this outstanding performance is obtained when

directly coating the pre-fabricated electrodes made from bare powders. On another

hand, bad results are obtained when coating bare electrode materials via ALD and

then fabricate the coated materials into electrodes. In this latter case, the poor

performance of the power anode is due to the insulating Al2O3 film inhibiting theses

electron conduction paths between the current collector and the active anode element

[130]. The recent results mentioned above show that it is now possible to prepare

MWCNTs-based anodes with good electrochemical properties. The drawback of the

MWCNTs, however, is their tendency to suffer from Li-induced embrittlement

[131]. The reason is that concentric and close structure of MWCNTs does not

allow expansion of graphene sheets in the c-axix or radial direction as in graphite,

when Li is inserted, thus inducing large stresses. This may cause aging, particularly

on board of an automative where high levels of vibrations are anticipated [78]. Good

performances have also been achieved in hybrid anodes that combine CNTs with

another nanostructured material (Si, Ge, Sn-Sb, MxOy with M¼Mn, Ni, Mo, Cu,

Cr) [93, 103, 107, 113, 132, 133]. The uniform coating of Fe3O4 onto aligned

CNTs by magnetron sputtering leads to a capacity over 800 mAh g�1 with

100 charge discharge cycles [134]; MoS2/MWCNTs deliver a stable capacity of

1030 mAh g�1 at the 60th cycle [135]. Despite these promising results, the CNTs

have not found a place in the industry of the lithium-ion batteries, essentially

because of their cost and the difficulty to prepare them free of any large structure

defects and high voltage hysteresis.

10.2.4 Graphene

Graphene is one atomic sheet of graphite. Its large electronic conductivity, mechan-

ical strength, and large surface area make it attractive for an anode material [33, 112,

113, 136, 137]. As a matter of fact, the amount of lithium that can be absorbed on the

surface of a single layer is small [138], but considering several graphene sheets, the

theoretical capacity is much larger than that of graphite, namely 780 mAh g�1 if Li

ions can be absorbed on both sites up to the sotichiometry Li2C6, and 1116 mAh g�1

if the Li ions can be trapped at the benzene rings in a covalent bonding up to LiC2

stoichiometry [112, 139, 140]. Experiments have confirmed that the initial capacity

delivered by graphene is larger than that of graphite. The problem with graphene,
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however, is the aging upon cycling [141–143]. For instance, the oxidized graphene

nanoribbons showed the specific discharge capacity of 820 mAh g�1 at the first

cycle, but decreases to about 550 mAh g�1 on the 15th cycle [142]. Large capacities

up to 1050 mAh g�1 can be obtained with more disordered graphene [140], because

the disorder introduces new active sites for lithium storage. The drawback in this

case is the small electronic conductivity associated to the disorder, so that the power

density is limited and the fading of the capacity upon cycling not solved. The

solution, however, has been found in a remarkable work by Wang et al. [144] who

fabricated a novel type of doped hierarchically porous graphene (DHPG) electrode

through a facile in situ constructing strategy in nickel foam using graphene oxide

(GO), sulfonated polystyrene (S-PS) spheres, and poly(vinyl pyrrolidone) (PVP) as

precursors. As porous graphene directly grows on the skeletons of nickel foam

without the addition of any binder, high electron conductivity in the electrode

assembly could be ensured. Nitrogen atoms from PVP and sulfur atoms from S-PS

were successfully in situ doped into the graphene during pyrolysis of the precursor.

Benefitting from the synergistic effect of structure and doping, the novel electrodes

deliver a high-power density of 116 kW kg�1 while the energy density remains as

high as 322 Wh kg�1 at 80 A g�1 (only 10 s to full charge), which provides an

electrochemical storage level with the power density of a supercapacitor and the

energy density of a battery. Furthermore, these optimized electrodes exhibit long-

cycling capability with nearly no capacity loss for 3000 cycles and wide temperature

features with high capacities ranging from 20 to 55 �C. This is by far the most

outstanding performance obtained with a carbon-based anode. The next question

will be to investigate if such an anode can be prepared at the industrial scale at a

reasonable price, otherwise, it satisfies the criteria that we have listed in the

introduction.

This last result shows that doping is beneficial to the performance of graphene as

an anode. Nitrogen N, which has five valence electrons and has a comparable

atomic size with C, is the most popular dopant, forming a strong covalent C-N

bond breaking the charge neutrality on C. This doping generates a disorder in the

honeycomb lattice of pristine graphene, which may help in the prevention against

re-stacking of the graphene sheets, and it donates more electrons to the carbon

network, this increasing the electrical conductivity [145]. Obviously, the synthesis

process in ref. [144] has avoided the re-stacking of the graphene sheets that is a

major cause of the aging upon cycling. This tendency of graphene to agglomerate

has been the motivation to envision composites of graphene with nanoparticles of

another electroactive anode material, which will be described in the following

sections. Indeed, with each graphitic plane and n-electrons exposed, graphene is

an ideal supporting materials for anode [146, 147]. The elastically strong, flexible,

and conductive graphene can accommodate the volume changes suffered by the

particles upon cycling, thus benefiting the structural stabilization of the

nanoparticles and the cycling life. In addition, the grafting of the nanoparticles on

the graphene sheets prevents the re-stacking. An example among many others of the

improvement of the N-doped grapheme-nanoparticle composite with respect to the

bare nanoparticles is illustrated by the choice of Co3Sn2/Co nanoparticles in [146],
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prepared according to Fig. 10.3. This composite tested as an anode delivered

capacities of 1600 and 800 mAh g�1 almost constant between the second and the

100th cycle in the voltage range 0.005–3 V, at current densities 250 and

2500 mA g�1, respectively. This performance, both in cyclability and rate capabil-

ity, makes this composite competitive with the other anode materials that will be

considered in this chapter.

10.2.5 Surface-Modified Carbons

We have already mentioned that the presence of EC in the electrolyte makes

possible the formation of a SEI that protects the graphite anodes. However, the

SEI formed in this case is rather thick. Contrary to some prior claims, this effect is

not always an obstacle to obtain very high rate capability, since the DHPG anode

supported rates as high as 80 A g�1. However, the SEI depends on the quality of the

surface (porosity, defects) and in some cases may affect significantly the electro-

chemical properties. In addition, the formation of the SEI is not limited to the first

cycle in the case of graphite, which may affect the calendar life. Therefore, it

may be desirable to protect graphite by a coating. The ALD-Al2O3 coating of

MWCNTs [127, 128] that we have mentioned earlier in this work is a good

example. The ALD is an elegant technique that builds uniform and well controlled

coatings of nanostructures, but it is also expensive. It is possible, however, to coat

Fig. 10.3 Schematic illustration of synthetic method of Co3Sn2-Co-NG hybrid and its

electrochemical mechanism for reversible Li+ storage. Reproduced with permission from [146].

Copyright 2013 American Chemical Society

10.2 Carbon-Based Anodes 331



the particles at less expense with carbon. The difference between carbon-coated and

noncoated graphite has been studied in [148]. As a result, the SEI formed on the

coated graphite is much thiner than the SEI formed on noncoated graphite (in the

range 60–150 nm against 450–980 nm). Moreover, the carbon coat preventing

direct contact between the graphite and the electrolyte, the decomposition of

propylene carbonate is greatly reduced and the intercalation of electrolyte species

(organic carbonates) into graphene layer is prevented [104, 149]. Conversely, a thin

layer of soft carbon at the surface of hard carbon has improved the coulombic

efficiency and the capacity [150].

10.3 Silicon Anodes

The next element if the group 14 in the Mendeleev table after carbon is the silicon.

The motivation for the tremendous amount of work on the Si-base electrodes is

sustained by two properties: the material is cheap, and the specific capacity is very

large: 4200 mAh g�1 when lithiated to Li4.4Si [151]. Moreover, the onset voltage

potential is 0.3–0.4 V above the Li0/Li+ redox potential, which averts the safety

concern of lithium deposition encountered with the graphite anode. The require-

ments (1), (2), and (4) in the introduction section are thus very well satisfied. We

can also add the requirement (3) since Si is a semiconductor. Actually the problem

with Si, which will be met also for Sn, Sb, and other anodes later in this review, is

the irreversibility and capacity fading. The performance degrades during the first

cycles due to the large variations of the volume during the charging/discharging

process [152–158]: from Si to Li4.4Si, the volume expansion is 420 % [159–

163]. This large volume change upon cycling results in the cracking and pulveri-

zation of the Si particles and disconnection of some of the particles from the

conductive carbon and from the current collector [164–166]. The cracking of the

particles has been observed by atomic force microscopy during the Li-extraction

[20, 25, 154, 167]. The formation of cracks has also been confirmed by in-situ SEM

investigations [168]. Ex-situ experiments have shown that cracks become less

frequent for crystallized Si (c-Si) pillars of diameter 240–360 nm [169]. In-situ

experiments showed that no cracks for particles below 150 nm in size at high

lithiation rate (the order of the minute) [170], and that the size limit before cracking

can be raised to 2 μm at low lithiation rate [168]. However, these results are not

impressive, if we consider that the cracks of the particles do not occur during the

lithiation process, but in the delithiation process. Upon lithiation, both Si and the

matrix are under compressive stress, while the initiation and propagation of cracks

are the result of tensile stress [20]. Upon lithiation, the Si particles remain intact.

The results also depend on the geometry, and even Si-structures 150-nm thick may

crack upon cycling [171]. In addition, the disconnection of the particles from the

carbon matrix, evidenced by the sharp rise of the internal resistance of Si anodes

during the lithium extraction process [172], can be observed even if the particles do

not crack [171]. The opposite also holds true: a 150-nm thick Si thin film deposited
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on a rigid metal substrate cracked although it did maintain contact with the substrate

[171], again emphasizing the importance of the geometry and cycling conditions.

Therefore, the decrease of the size to the nano-range is mandatory to relieve the

stress [173]. It has been reported that decreasing the size of the particles has no

significant effect on the irreversible capacity loss observed during the first cycle,

but improves the capacity retention in the following cycles [174]. As a matter of

fact, this view is too pessimistic, as it depends on many factors. Nanostructured

electrodes can absorb more easily the strains associated to the change of volume,

and avoid cracking [157, 175]. The results depend on the geometry of the particles,

but for particles of given geometry, say quasi-spherical [168] or pillars [169], for

instance, this has been confirmed by experiments. Also, the decrease of the diam-

eter of the particles upon delithiation is proportional to the size of the particles, so

that smaller particles can keep contact with the matrix, allowing for full extraction

of the lithium. These effects reduce the irreversible capacity loss, and thus improve

the capacity retention. In addition, silicon is not a good conductor, so that the

smaller length of the electrons and holes inside the nanoparticles improve the rate

capacity. On another hand, independently of their chemical formula, nano-particles

also have disadvantages, such as high manufacturing cost and handling difficulty

[176]. Also the larger surface in contact with the electrolytes results in increasing

side reactions with the electrolyte. When the potential of the anode is lower than

1 V with respect to Li0/Li+, the decomposition of the organic electrolyte at the

surface of the particles forms the solid–electrolyte interface (SEI). Its formation on

Si particles has been investigated [16, 177–179], and consists mainly in lithium

carbonate, lithium alkylcarbonates, LiF, Li2O, and nonconductive polymers. The

SEI must be dense and stable to prevent further side reactions to occur. However,

the large volume change makes it challenging to form a stable SEI, as it can results

in a breaking of the SEI. Then a new part of Si can be exposed to the electrolyte,

resulting in the formation of another SEI that becomes thicker and thicker upon

cycling [180]. These effects can affect both the cycling and calendar life. That is

why the efforts on silicon anodes have been focused on the synthesis of nano-

particles of different geometries, and also on the protection of the Si particles

against side reactions with the electrolyte. These works are reviewed in the

following.

Note that a much better cycle life can be obtained with Si simply by limiting the

voltage range. The lithiated amorphous Si is converted into crystalline Li15S4 below

50 mV, resulting in capacity fade and high internal stress that reduces the cycling

life [181, 182]. A threshold 0.1 V corresponds to the voltage expected for the

composition Li12Si7. Indeed, Bridel et al. [183] have reported that the Si-particles

do not fracture when they are not solicited entirely (stop of the lithiation at Li12Si7
instead of Li22Si5). On another hand, they crack when the lithiation process is

pushed up to the formation of Li22Si5 [168]. Actually, changing the lower cutoff

voltage from 0 to 0.2 V increased the cycle life of an amorphous Si anode from

20 to 400 cycles [184]. The drawback of this change is the reduction of the specific

capacity from 3000 to 400 mAh g�1. With limited capacity of 1800 mAh cm�2 per

cycle (corresponds to about 45 % of its theoretical capacity), Si thin films of 6 μm

10.3 Silicon Anodes 333



thick showed very stable cycling performance and a coulombic efficiency of

�100 % up to 250 cycles [182, 185, 186]. Full cells using 4 and 6 μm thick Si

films as the anodes and standard commercial LiCoO2 as the cathodes (70 μm thick)

delivered stable capacity of about 1.8 mAh cm�2 for 200 cycles. This areal capacity

is very close to the requirement of current commercial LiB anodes. We have noted

earlier that the specific capacity of a Li-ion battery saturates when that of the anode

reaches 500 mAh g�1 (see Fig. 10.1), so that the lower capacity resulting from a

shorter voltage range does not look dramatic. However, this aspect is usually

overviewed, and all the efforts aimed at keeping the voltage range 0–2 V with

silicon. Therefore, all the electrochemical properties reported hereunder have been

obtained with cycles using this voltage range unless the voltage range is specified.

10.3.1 Si Thin Films

If crystalline, Si expands anisotropically upon lithiation, primarily in the <110>
direction [187–189]. This anisotropy contributes to increase the stress and strains in

the material. That is why, at least in continuous films, amorphous Si (a-Si) is

preferred to the crystalline Si (c-Si), because of the isotropic lithiation on a-Si.

This has been confirmed by experimental experiments on thin films [190]. Note

that, even when starting with c-Si, the silicon becomes amorphous already after the

first cycle [191]; however, for the reasons we have just evoked, starting with a-Si is

better as it will reduce the irreversible capacity loss during the first cycle, and all the

results reviewed here have been obtained with a-Si.

Remarkable cycling performance has been achieved on thin Si-films. A 50 nm-

thick Si film deposited onto a 30 μm-thick Ni foil delivered over 3500 mAh g�1

being maintained during 200 cycles under 2C charge/discharge rate, while a 1500Å
film revealed around 2200 mAh g�1 during 200 cycles under 1C rate [192]. By

optimizing the synthesis parameters such as the Si deposition rate, and n-doping Si

with phosphor to improve the electronic conductivity, the capacity of the 50 nm-

thick n-Si was as high as over 3000 mAh g�1 for the case of 12C test, which could

be kept during 1000 cycles. Also in the case of heavy load of 30C rate, the charge/

discharge capacity was still over 2000 mAh g�1 even after 3000th cycle although

the capacity fluctuated during cycling [193].

A 250 nm-thick film deposited by radio-frequency (rf) magnetron sputtering on

copper foil delivered 3500 mAh g�1 when tested over 30 cycles in the voltage range

0.02–1.2 V [194]. Fe-Si multilayer thin films were prepared on a Cu substrate by

sequential deposition of Fe (inactive) and Si (active) using electron-beam deposi-

tion [195]. After annealing to take advantage of the fact that the Fe–Si phase from

the Fe–Si interface is stable for extended cycles and acts as a buffering matrix for

alloying reaction of Si with Li [196], the volumetric capacity delivered was stable at

3000 mAh cm�3 over the 300 tested cycles using the constant charge and discharge

current of 30 A cm�2 between 0 and 1.2 V at 30 �C. These results illustrate that the
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performance depends importantly on the adhesion with the support, the deposition

rate and the temperature of the deposition, the film thickness, and annealing

treatment. They also show that long cycle life up to 3000 cycles can be obtained

with Si films prepared either by physical vapor deposition [193, 197], or magnetron

sputtering [198].

10.3.2 Si Nanowires (Si Nw)

While good results on thin films or nanoparticles have been obtained at low loading,

the silicon nanowire (Si Nw) array provides sufficient empty space between the

nanowires to accommodate the change in the volume associate to the insertion/

extraction of lithium. Each Si Nw can be electrically connected to the current

collector so that it can contribute to the total capacitance making conductive carbon

additives and polymer binders unnecessary [83]. Growth methods have been

reviewed in ref. [199]. The most popular one is the vapor-solid–liquid (VLS)

growth performed in a chemical vapor deposition reactor under a flowing

Si-bearing gas at temperatures in the range 300–1000 �C, depending on the gas

precursor and the type of metal catalyst [199]. The wire diameters range from

several nm to hundreds of microns. The first result with long cycling life and full

energy density was obtained with interconnected and curved Si nanowires synthe-

sized after Au-catalyzed VLS growth in a hot plate (cold wall) reactor

[200]. 3100 mAh g�1 capacity retention was obtained after 40 cycles at C/2 rate,

without charging voltage limitation. The anode could also be cycled at 8C rate

without damage, in which case the capacity retention is still circa 500 mAh g�1.

Since this is typically the capacity that is useful for an anode after Fig. 10.1, we can

conclude that this electrode is actually optimized up to this C-rate. Because of the
entanglement after the first phase of growth, the quantity of Si was the order of

1.2 mg cm�2 of current collector electrode, thus overcoming one of the drawbacks

of using nanomaterials in battery electrodes, namely the low volumetric energy

density [31]. The first growth step was achieved with PH3 in the gas phase in order

to yield Nws with their core n-doped with phosphor, aiming to improve the

electrical conductivity, and thus the rate capability. In addition, the wires were

composed of an amorphous shell covering a crystalline core. This is believed to be

the best configuration, since the amorphous shell is able to prevent the initial

cracking that takes place in the surface layer upon delithiation. With respect to

prior works, the major improvements in the cycling life were attributed to the fact

that the interconnection between the Nws prevents them from detaching from the

substrate. This entanglement was obtained owing to the use of the planar furnace. In

this case, the temperature in the gas phase above the furnace decreases rapidly, so

that after a short period of vertical growth in the stagnant layer, the wires tend to

kink and curve their growth direction towards the substrate. Because of this change

in growth directions, the Nws become highly entangled.
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Simple Nws grown by VLS-CVD are usually made of a c-Si core and a a-Si

shell, like in ref. [200]. There is further experimental evidence that cycle life is

indeed improved by lithiating a CVD-deposited a-Si layer over the as-grown c-Si

Nws [157, 201]. To avoid cracking and rapid degradation, their diameter must be

kept below some critical value between 240 and 360 nm for c-Si Nws [169] and

around 900 nm for a-Si Nws, assuming that results obtained on nanoparticles apply

to Nws [168, 202]. In particular, in [178], the unreacted Si Nws had an average

diameter of 89 nm. After lithiation, the Nws remained intact, although their

diameter increased to 141 nm. Si Nws can also be prepared by a scalable super-

critical fluid-liquid–solid (SFLS) method. In this method, metal nanoparticles

(e.g. Au colloids) are mixed with a saline-based reactant (hexane, toluene, benzene)

in a solvent that becomes supercritical under the temperature and pressure condi-

tions. The effects of the binder, electrolyte, and the presence of gold seeds on the

performance of anodes based on SFLS-grown Nws have been investigated

[203]. The best results were obtained on Au-catalyzed SFLS wires, using a sodium

alginate binder [204] for the slurry and adding fluoroethylene carbonate to the

electrolyte, in which case the authors reported good cyclability. The role of the

alginate will be discussed later in the context of the stabilization of the SEI.

Nws have also been obtained by etching at the laboratory scale (see review in

[78]). However, it is difficult to consider their use for industrial development,

because of the high cost [78]. However, a refinement of the metal-assisted wet

chemical etching (MaCE), technique, which represents an interesting approach

towards cost reduction, uses c-Si powders (instead of c-Si wafers) in which NWs

can also be etched [205]. Nanoporous silicon nanowires of 5–8 μm length and with

a pore size of 10 nm are formed in the bulk silicon particle. These silicon electrodes

show a high reversible charge capacity of 2400 mAh g�1 with an initial coulombic

efficiency of 91 % and stable cycle performance. This synthetic route is not only

low-cost, but also mass producible (high yield of 40–50 % in tens of gram scale),

and thus, provides an effective method for producing high-performance anode

materials. Remarkable results have been obtained with porous doped silicon

nanowires synthesized by direct etching of boron-doped silicon wafers, again

with sodium alginate binder [151]. Here, the boron doping has two effects: (a) it

increases the electrical conductivity, which is needed to improve the rate capability,

(b) it provides defective sites facilitating the etching process which leaves holes on

the silicon nanowire surface. More details on the synthesis will be provided in Sect.

10.3.3 devoted to porous Si. Both the pore diameter and the wall thickness were

about 8 nm. Even after 250 cycles, the capacity of the anodes formed with these

Nws was stable above 2000, 1600, and 1100 mAh g�1 at current rates of 2, 4, and

18 A g�1, corresponding to rates 0.5, 1, 4.5C, respectively. The best battery has

recorded 2000 cycles with a capacity remaining above 1000 mAh g�1, even

achieved at 18 A g�1. It should be noted that this high rate capability has been

obtained at a low mass loading of 0.3 mg cm�2. This is a general property of all the

Si anodes: high rate capability can be achieved only at low mass loading.

This last result illustrate two properties: (1) the use of alginate binder greatly

improves the cyclic performance of a silicon nanoparticle anode, compared with
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using traditional polyvinylidene fluoride (PVdF) binder, already evidenced in

[204]; (2) it also illustrates the beneficial effect of the porosity that limits the

change in the volume of the particles during cycling, thus improving the anode

structural stability and stabilizing the anode SEI. In addition, the results in ref. [151]

show that such is also the case for Si nanowires, but in addition, the capacity

retention is also increased in this later case. Despite the outstanding recent results

obtained on nanowires, the Si Nws anodes are still difficulties to compete with

graphite anodes. Typical commercialized graphite-based anodes can store a charge

of 4 mAh cm�2, because they use 50 μm thick films on the current collector. So

assuming a Si capacity of 3800 mAh g�1, an areal mass of more than 1 mg cm�2 of

Si is needed, in order to be competitive with graphite anodes. For this condition to

be met, Nws with their diameter in the 300 nm range have to be grown, which will

limit the rate to around 3C [78]. This is the main limit for Nws, due to the difficulty

to have both a high rate and a high Si mass. Actually, as we have recalled in the

previous section, thin Si film that are able to deliver stable capacity of about

1.8 mAh cm�2 for 200 cycles are closer to the performance required to be compet-

itive with graphite anodes.

10.3.3 Porous Silicon

The recent investigations of porous Si porous structures gave encouraging results

when used as anodes [206–208]. Porous structured silicon with pores of several

nanometers or hollow silicon spheres with a thin shell can dramatically reduce the

stress by providing additional free space for volume expansion induced by lithium-

ion insertion. This has been evidenced experimentally [206–210], and it is in

agreement with simulations [151, 207]. After finite elements calculation, the tensile

stress in a hollow Si sphere is five times smaller than in a solid sphere with an equal

volume of Si [207], meaning that the hollow nanostructures will fracture less

readily. This has been confirmed by experiments [207, 211]. We have just recalled

in the previous section that porous nanowires give good results, but their prepara-

tion is limited in quantity. Indeed, a more scalable method is desired for the

preparation of porous silicon nanostructures, which have been reviewed in

[84]. One solution has been to start with commercial silicon nanoparticles available

in large quantity as starting material, and treat them in a route involving boron

doping and an electroless etching [212]. Boron doping is achieved by mixing the

silicon nanoparticles with boric acid in solution and then drying before before

annealing at 900 �C in argon atmosphere. Electroless etching generates porosity

by taking advantage of a galvanic displacement between noble metal, say Ag, and

silicon. This is achieved in the presence of AgNO3 in HF etchant solution. The two

reactions taking place simultaneously are:

4Agþ þ 4e� ! 4Ag; ð10:1Þ
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Siþ 6F� ! SiF6½ �2� þ 4e� ð10:2Þ

In this reaction, silicon donates electrons to reduce Ag+ to Ag, and is etched

away by F�. Since the redox potential of Ag+/Ag lies below the valence band of

silicon, for p-type silicon (e.g. boron-doped silicon), Ag+ preferentially reacts with

silicon nanoparticles at defective sites (dopant sites), leaving pores on the surface

[213]. Porous nanoparticles with different porosity can be obtained by adjusting the

ratio of boric acid and silicon. The cyclic performance of porous silicon

nanoparticles after graphene wrapping as a Li-ion battery anode reported in [212]

is remarkable: the initial capacity is 2500 mAh g�1 at C/8 rate, and still

1000 mAh g�1 at C/2 rate (1C¼ 4 Ah g�1); the capacity remained at 1400 mAh g�1

and 1000 mAh g�1 after 200 cycles at C/4 and C/2 rate, respectively. In the same

way, porous Si particles have also been obtained from crushed boron-doped silicon

wafers [214]. The process in this case differed by the addition of H2O2 etchant

leading to a hierarchical structure with micro- and nanosized pores uniformly

distributed in Si. The final product delivered 1500 mAh g�1 for 50 cycles at low

C-rate. An even better result of 2000 mAh g�1 for 50 cycles has been obtained

starting with commercial bulk silicon, using a similar procedure to obtain porous

silicon with pore size of several hundred nanometers [215].

Porous silicon can also be obtained by electrochemical etching with a HF

etching solution. The porosity and depth of porous Si are monitored by the control

of the current density and the HF concentration. The porous silicon film obtained by

this process can achieve a discharge capacity of 1260 mAh g�1 when combined

with pyrolyzed polyacrylonitrile (PAN) [216] and above 2000 mAh g�1 when

coated with gold [217]. The freestanding porous film lifted off from the substrate

when the current density is suddenly increased can be converted into a particulate

structure and combined with a binder such as PAN to form a slurry self-adapting to

a roll-to-roll process for mass production [218]. Porous Si can also be obtained by

Si deposition into a porous template. Usually, SiO2 nanospheres are used to form an

opale structure. Then, porous Si can be obtained in the form of an inverse structure

by filling the voids of the template. The synthesis can be carried out through

chemical vapor deposition (CVD) gaseous silicon source such as Si2H6 followed

by treatment in HF solution. An interconnected silicon nanosphere film obtained by

such a process through a modified CVD method delivered a capacity above

1300 mAh g�1 after 700 cycles [207]. Using a different template, namely a porous

Ni inverse opal structure prepared by electrodepositing of Ni on a silica opal

template, a capacity above 2500 mAh g�1 was delivered after 100 cycles

[219]. In the same way a conformal coating of a porous Ni film with silicon by

the CVD process led to a porous silicon-Ni structure that delivered a reversible

capacity of 1650 mAh g�1 after 120 cycles [220].

The main concern with the CVD method to grow Si nanostructures is the low

yield. For nanowires for instance, it is only 200–250 μg cm�2 or 0.75 mg h�1 [221],

which greatly limits the use of this method for mass production. Instead of the CVD
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method, the void space of the template can be filled with the gel-like silicon

precursor then annealing at high temperature to solidify the gel to get rigid porous

silicon [206]. In this work, the silicon gel composed of fine silicon nanoparticles

was first prepared by reducing SiCl4 with sodium naphthalide in glyme and capping

this with n -butyl groups by the reaction with LiC4H9. This capping was an essential

step to protect Si from reacting with SiO2 to form SiO2�x during annealing. The

product demonstrated capacity retention as high as 90 % at 1C rate after 100 cycles.

Using the same gel, mesoporous Si-carbon core–shell nanowires with a diameter of

6.5 nm were prepared for a lithium battery anode material using a SBA-15 template.

These nanowires demonstrated a first charge capacity of 3163 mAh g�1 and

retained a capacity at 2738 mAh g�1 after 80 cycles [222] (see Figs. 10.4 and 10.5).

Instead of filling the void space of the template to get an inverse porous structure,

it is also possible to convert the porous silica template into silicon directly by

magnesio-thermic reduction. This reduction by magnesium operates at 650 �C,
according to the reaction:

2Mg gð Þ þ SiO2 sð Þ ! 2MgO sð Þ þ Si sð Þ: ð10:3Þ

The byproducts (MgO, unreacted SiO2) are removed by washing with HCl and HF,

sequentially. A three-dimensional mesoporous silicon with a high surface of

74.2 m2 g�1 has been obtained by this process, using P123 as surfactant and

SBA-15 silica as both template and silicon precursor. After carbon coating via a

CVD process, this anode material delivered a capacity above 1500 mAh g�1 for

100 cycles.

10.3.4 Porous Nanotubes and Nanowires vs. Nanoparticles

The shape of the silicon material matters. One advantage of the nanotubes and

nanowires is that it is easier to connect them electrically to the current collector

than nanoparticles, for instance. This is one reason for the good performance of

porous nanotubes [151, 223–225]. For example, Cho’s group fabricated Si nano-

tube structures by reductive decomposition of Si precursor inside anodic alumina

templates [225]. The use of Si nanotubes increased the surface area accessible to

the electrolyte, allowing lithium ions to intercalate from both the interior and the

exterior of the nanotubes, so that the reversible charge capacity reached

3200 mAh g�1 with capacity retention of 89 % after 200 cycles at 1C rate. In

the case of Si nanoparticles for which the electrical connection to the current

collector is more challenging, the traditional slurry coating method exploiting

conductive carbon and PVdF binder additive have not worked well. To overcome

this problem, Si particle anodes have been prepared, where amorphous Si is

deposited onto electrode structure; a-Si acts as an inorganic glue to fuse all the

particles together and bind them to the current collector [226]. With a limited

charge capacity of 1200 mAh g�1, the prepared 200 nm Si particle anode showed
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stable cycling up to 130 cycles. Another way to improve the electrochemical

performance of Si nanoparticles has been to explore new binder materials.

Composite electrodes based on Si particles and the PFFOMB (poly

(9,9-dioctylfluorene-co-fluorenonecomethylbenzoic acid) binder, without any

conductive additive, exhibit high capacity, long-term cycling, low overpotential

between charge and discharge, and good rate performance [227]. Another exam-

ple is the use of alginate that we have already mentioned in the context of

SBA-15 template
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Fig. 10.4 (a) Schematic view of the preparation of Si-carbon core-shell nanowires using the

SBA-15 (a mesoporous silica sieve) template. (b) TEM image of the Si-carbon core-shell nanorods

obtained from first impregnation of Butyl-capped Si. (c) Expanded TEM image of (b) (inset is
SADP of (c)). (d) TEM image of the Si-carbon core-shell nanowires obtained from fourth

impregnation. (e) Expanded TEM image of (d) and (f) Raman spectrum of Si-carbon core-shell

nanowires. Reproduced with permission from [222]. Copyright 2008 American Chemical Society
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nanowires [204]. The dramatic improvement in electrochemical performance by

using the alginate binder is attributed to several reasons. The first reason is the

weak interaction between the binder and the electrolyte. The second reason is that

the binder can offer access of Li ions to the surface of silicon. The third reason is

that the binder is helpful to build a deformable and stable SEI [204].

10.3.5 Coated Si Nanostructures and Stabilization of the SEI

So far, we have reviewed the Si structured materials that successfully addressed the

pulverization problem, but they do not prevent the volume changes upon cycling, so

that their interface with the electrolyte is not static. Therefore, the problem of the

unstable SEI is still unsolved [228], mainly because the SEI formed in the lithiated

expanded state can be broken as the nanostructure shrinks during delithiation.

This re-exposes the fresh Si surface to the electrolyte and more SEI forms, resulting

in a thicker and thicker SEI film upon charge/discharge cycling. Thicker SEI

film means electrolyte consumption, increase of the electrical resistivity,

longer Li diffusion path through the SEI, degradation caused by the mechanical

stress of the thick SEI, in other words aging of the battery. Stabilizing the SEI is

thus crucial. One strategy to solve the problem has been to coat the silicon structure

Fig. 10.5 (a) Voltage profiles of the Si-carbon core- shell nanowire electrode prepared according to
Fig. 10.4, after 1, 30, 60, and 80 cycles at a rate of 0.2C between 1.5 and 0V in coin-type half-cells. (b)
Plot of charge capacity and Coulombic efficiency of the cell (a) vs cycle number. (c) Differential
curves of the Si-carbon core-shell nanowire electrode after 1, 2, and 30 cycles. (d) Voltage profiles of
the rate capabilities of the Si-carbon core-shell nanowire electrode at rates of 0.2, 0.5, 1, and 2C
between 1.5 and 0 V in coin-type half-cells (same charge and discharge rates were used). Reproduced

with permission from [222]. Copyright 2008 American Chemical Society
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with a protective element. Indeed, when the shell remains unchanged during

cycling, it helps in the formation of a stable SEI layer [229, 230]. For an ideal

case, a stiff shell could effectively reduce the mechanical stress generated in the Si

core during cycling [231]. The actual effect depends strongly on the thickness and

Young’s modulus of the shell material [232]. Generally, a thick shell is preferred to

avert fracture; However, thick shell adds additional weight. Thus, careful engineer-

ing of the core and shell materials is required to obtain an optimal balance [233,

234]. With 10 nm thick carbon coating on Si nanowires of 90 nm in diameter, the

first cycle coulombic efficiency was greatly enhanced from 70 % (without coating)

to 83 %, in addition to the increased capacity from 3125 mAh g�1 (without coating)

to 3702 mAh g�1, and cycling stability (5 % capacity retention after 15 cycles)

[235]. Replacing the carbon coating with 10 nm thick Cu film can further improve

the coulombic efficiency of the initial cycle up to 90.3 %, and improve capacity

retention up to 86 % after 15 cycles [236]. This improvement is not necessarily due

to a better stabilization of the SEI, however, as it can presumably due to the fact that

Cu is a better electronic conductor than the carbon coat. Cu-coating on thin films

had a similar effect [237]. Coating with conductive polymers such as PEDOT has

also improved the cycling properties of Si Nws [238].

Al-coating could not help enhance the initial coulombic efficiency, but it did

help to increase the capacity retention after numerous cycles [239]. The improved

capacity retention is due to the more stable mechanical structure of electrodes in

the presence of Al coating [240, 241]. Similar results were observed on cells

comprised of Si nanowires coated with a� 100 nm layer of Ag/poly

(3,4-ethylenedioxythiophene) (PEDOT), which exhibited an improvement of the

capacity retention from 30 % (without coating) to 80 % after 100 cycles

[238]. While coating with a conductive layer such as Cu and Al may be beneficial

to the electrochemical performance partly because of the increase in the electrical

conductivity, coating with an oxide has been done only to prevent direct contact

with the electrolyte. In particular, Al2O3 coatings (<10 nm) obtained by ALD have

been tested on Si thin films [242, 243] and Si Nws [244]. Upon the first lithiation,

Al2O3 transforms into an Al-Li-O glass [245], which is a good ionic conductor and

an electronic insulator, thus exhibiting the attributes of a good SEI substitute.

Indeed, the Al2O3 coating resulted in a 45 % increase of the anode lifetime, and

1280 cycles at 1C have been obtained with Al2O3 coated Si Nws [244].

The surface-clamping of the porous structures has also been achieved. A suc-

cessful control of the SEI growth of porous nanotubes has been obtained by coating

them with rigid carbon [246]. In a similar strategy, commercially available Si

nanoparticles were completely sealed inside thin, self-supporting carbon shells,

with rationally designed void space in between the particles and the shells. The

well-defined void space allows the Si particles to expand freely without breaking

the outer carbon shell, therefore stabilizing the SEI on the shell surface. High

capacity (2800 mAh g�1 at C/10), long cycle life (1000 cycles with 74 % capacity

retention), and high coulombic efficiency (99.84 %) were realized in this yolk-shell

structured Si electrode. Other materials such as Ge [223, 247], SnO2 [248] and TiO2
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[247] have also been deposited at the surface of Si nanotube walls to form the

so-called double- or triple-walled silicon nanotube architectures. Almost all these

coatings, except Ge, have little effect on improving the initial coulombic efficiency,

but they increase importantly the life of the battery. Double walled Si nanotubes

have been obtained by coating the Si nanotube with SiOx [246]. This coat is rigid

enough and mechanically strong, so that it can successfully prevent the Si from

expanding outward during lithiation, while still allowing lithium ions to pass

through. As a result, the SiOx-coated Si nanotubes in [246] demonstrated a long

cycle life (6000 cycles with 88 % capacity retention), high capacity (2970 mAh g�1

at C/5; 1000 mAh g�1 at 12C) and fast charging/discharging rates (up to 20C).

Using a nanoscale open cell electrochemical device that operates inside a trans-

mission electron microscope (TEM), Liu et al. demonstrated ultrafast and full

electrochemical lithiation of individual carbon-coated Si Nws [241, 249]. The Si

NWs did not fracture despite the ultrahigh lithiation rates. The lithiation and

expansion of a yolk-shell Si nanoparticle has been observed by using a similar

approach [229]. After complete lithiation, the diameter of the largest Si particle

increased from 185 to 300 nm and it filled the hollow space within the carbon

coating.

Various carbon-silicon (C-Si) composite anodes have been used. In particular,

2D-layers of graphite/Si hundred of nanometers in have delivered a capacity of

840 mAh g�1 after 100 cycles at C/3.4 rate at loading 1.1 mg cm�2 [250]. Never-

theless, silicon–carbon composite particles in which silicon nanoparticles are

embedded in porous carbon particles [251] and porous Si-C composite spheres

[252] achieved similar performance, but at higher rates. Embedding the Si Nws in a

network of carbon nanotubes is also a way to improve the conductivity to improve

the overall electric conductivity of the anode; moreover the resulting anode is

flexible and self standing [253]. Si Nws have also been grown by pulsed laser

deposition on a single wall carbon nanotube paper [254]. Si Nws have also be

grown by vapor-liquid–solid method, from multiwall naotubes decorated with Au

nanoparticles and deposited on stainless steel substrate [255].

Other binary thin-film anodes Si-M (M¼Mg, Al, Sn, Zn, Ag, Fe, Ni, Mn), and

ternary thin-film anodes Si-Al-M have been studied. These studies that date from

the previous decade are referenced in [20], but their electrochemical properties are

not competitive with the results we have reported in the present review. More

elaborate architectures give better results. For instance, electrodes using vertically

aligned carbon nanotubes (VACNTs) uniformly coated with Si and a thin C surface

layer demonstrated very good stability for over 250 cycles and high specific

capacity approaching theoretical limits (4200 mAh g�1) [256]. Here also, the

outer C-coating on the Si surface was critical to achieving good capacity retention

and high Coulombic efficiency close to 100 %. This last result also illustrates the

progress that is currently made on Si anodes. The works that have been reported in

this review already show that the technical problems related to the huge volume

change during cycling, such as fracturation, pulverization, stabilization of the SEI

have been progressively solved the last 4 years. It is now possible to obtain Si

anodes with high capacity and good capacity retention for more than 1000 cycles.
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However, the overall electrode thickness and the cost of the proposed processes

were still a limiting factor for large size battery applications. The process described

in [256] is a scalable method to produce ultrathick, yet highly conductive and

stable, Li-ion battery electrodes. Very recently, a robust method to prepare gram-

scale Si NTs has been reported using nanorod-like nickel-hydrazine complexes as

templates [257]. These different results show that the efforts currently done to find

scalable synthesis processes without altering the electrochemical performance of Si

anodes open the route to their mass production in the near future. However, the

persistent difficulty to combine high-rate performance and high area density will

limit their use to batteries that do not require high power.

10.4 Germanium

The next element along the column of the Mendelev table after C and Si is

germanium. Among the criteria defined in the introduction, the criterion (6) is

clearly not fulfilled. While Silicon is cheap, germanium is very expensive, and

did not benefit from the development associated to the market in electronics. Its cost

is even prohibitive for most applications. Nevertheless, it has some advantages with

respect to Si, in particular with respect to criterion (3): a better electronic conduc-

tivity and better lithium diffusivity. But Ge has another major advantage. It can be

lithiated until Li15Ge4 is formed [258], while the delithiation results in porous

amorphous phase [259–261]. Unlike Si, the whole process is isotropic, and does

not lead to the formation of cracks, even at high C rates and particles size 620 nm

[261, 262]. That is why Ge is presently receiving increasing interest. Ge thin films

demonstrated reversible lithiation at rates as high as 1000C [263]. The remarkable

rate capability of Ge is also evidenced by the increasing performance at high C-rate
of Si-Ge alloys as the transition is made from Si to Ge [264]. We have outlined in

the previous section that it was not possible to make Si anodes with a thickness of

the thin films of the diameter of the nanowires or nanotubes that would make them

competitive with graphite-based anodes without sacrificing the high rate perfor-

mance. This obstacle is smeared out with germanium, since it is possible to increase

the size of the Ge particles without cracking, i.e. without increasing the thickness of

the SEI layer. Indeed, 500 nm thick Ge particles exhibit stable cycling life at

150 mA g�1 rate, delivering 800 mAh g�1 [265]. Two hundred nanometer thick

Ge sheets on graphene exhibit less than 20 % loss in capacity over 400 cycles at

nearly theoretical capacity [266]. After the first cycle the differential capacity plot

shows three relatively broad lithiation peaks at 500, 350, and 200 mV

corresponding to the lithiation of amorphous Ge [267], so that the amorphous

porous phase is preserved upon cycling. Cathode elements cannot accept cycling

atC rates as high as 40C over thousands of cycles, except LiFePO4 [268]. Therefore,

to take benefit of the impressive rate capability of Ge, or even to test Ge, the Ge

anode should be associated to the LiFePO4. Such a Ge//LiFePO4 full cell has been

investigated with mass loading 15 mg cm�2 [260]. After 400 cycles at 40C rate, the
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capacity was 1000 mAh g�1. Surprisingly, most studies on Ge anodes have been

performed on nano-Ge with dimensions 100 nm [267, 269–271] or even 3 nm [272]

missing the main interest of the germanium element, presumably by continuity with

the prior works on Si where the nano-size was mandatory. In particular, Ge

nanowires have been grown by CVD [273], like Si nanowires. Reminding that it

is an expensive process that yields very small amounts of material after hours of

deposition, a better synthesis process for Ge nanowires in large quantities is the

growth in solution [267], again like Si Nws. However, the superiority of Ge with

respect to Si is clearly the possibility to reach simultaneously high areal density,

and very high rate capability. In addition, PVdF binder works well for Ge, at

contrast with the Si case, and since Ge is more conductive, the amount of conduc-

tive additives needed in the case of Ge anode is small, while 10–30 wt% of

conductive carbon powder is mixed with Si in the anode formulation. These

properties also explain why coating Si with Ge was found efficient to improve the

Si-based anode, as mentioned in the previous section.

The price of Ge may unfortunately be limiting the mass production of Ge-based

anodes for Li-ion batteries. Nevertheless, its coupling with LiFePO4 counter-

electrode gives rise to an outstanding Li-ion battery. LiFePO4 is the best cathode

element in terms of rate capability and safety, and its only disadvantage is its energy

density that is limited to 170 mAh g�1; the coupling with Ge anode will compensate

this limitation without impacting the rate capability, this giving rise to the Li-ion

battery with the highest power density and good energy density.

10.5 Tin and Lead

Next element in column 14 of the Mendeleev table is Sn. The theoretical capacity of

pure Sn is 960 mAh g�1, which is larger than many graphite-based anodes.

Unfortunately, the huge volume change (360 % volume expansion up to full

lithiation) is discouraging, leading to fracturation and decrepitation upon cycling.

In addition, theoretical capacity could never be reached, presumably due to brittle-

ness. Taking these problems into account, Sn-based anodes clearly require com-

posite structures to help maintain electrical contact and Li diffusivity, and many

works have been devoted to them; they have been reviewed in [43]. Indeed,

progress was made in the previous decade by designing composites containing Sn

and a stress-accommodating phase. Carbon was found to be an appropriate second

phase in these investigations thanks to its excellent stress-relieving properties and

also its low reactivity with Sn. Among these C-Sn composites, tin-filled carbon

nanofibres or nanotubes [274–276] and a Sn-microporous carbon composite [277]

have shown the most promise due to their high reversible capacity and good

capacity for retention. In particular, for Sn-CNT with smaller encapsulated Sn

particles of 6–10 nm, the contribution from Sn to the overall capacity was about

1050 mAh g�1 for the first 20 cycles, which is larger than the theoretical capacity of

Sn [275]. The higher-than-theoretical capacities could be attributed to the
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additional storage of Li ions in the large interstitial areas formed by the stacking of

nanoscale materials. In the same way, the Sn/C encapsuled carbon nanofibres

delivered a capacity close to 800 mAh g�1 after 200 cycles [274]. However, the

multistep processes used to produce these kinds of materials are too complicated

and difficult to be used in industrial processes. Therefore, the future of Sn-based

anodes is uncertain, as it seems difficult for them to compete with the Si anodes. In

addition, metal oxides are usually much easier to handle than the metals them-

selves, and tin oxide anodes will be reviewed in a forthcoming section.

The last element of the column 14 is Pb. This element suffers from toxicity and

low specific capacity, which was discouraging and very few investigation have

been done. The best result that has been obtained recently is a SiC-Pb-C composite

[278], but still the capacity was too small to raise interest.

10.6 Oxides with Intercalation-Deintercalation Reaction

10.6.1 TiO2

Titanium oxide is low cost, safe for the environment, and is considered as a

promising candidate for use as anode in Li-ion batteries. Its theoretical capacity is

335 mAh g�1 based on the reaction:

Ti4þO2 þ Liþ þ e� $ Lix Ti3þxTi
4þ

1�x

� �
O2 x � 1ð Þ: ð10:4Þ

In addition, its thermal stability is very good, and its SEI is stable, so that the TiO2-

anode is recommended for safety issues [279, 280]. The interest in this material has

led to a tremendous amount of works devoted to the successful preparation of nano-

TiO2 by all kinds of techniques: hydrothermal [281, 282], sol–gel [283–287], soft

template [288], precipitation or solid state method followed by ion exchange [289,

290], urea-mediated hydrolysis/precipitation route [291], anodization [292, 293],

molten salt method [294], synthesis by ionic liquids [295] and electrospinning

technique [294, 296]. These syntheses of TiO2 have been reviewed and discussed

in [73, 297]. TiO2 exists in different polymorphic structures: anatase, rutile, brook-

ite, TiO2-B (bronze), TiO2-R (ramsdellite) TiO2-H (hollandite), TiO2-II (colum-

bite), TiO2-III (baddeyte). These polymorphs differ by the connections between

TiO6 octahedra. Their structures are illustrated in Fig. 10.6 for those of the poly-

morphs that are of interest for Li-ions batteries [38]. The Li cycling properties of

these polymorphs have been reviewed in [38, 73]. Since the electrochemical

properties depend importantly on the type of polymorph, each polymorph must

be considered separately.
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10.6.1.1 Anatase TiO2

The anatase phase crystalizes in a body-centered tetragonal phase that ,contains

interstitial sites available to intercalate Li, so that the previous reaction equation

applies, so that the theoretical capacity is 335 mAh g�1 when the material is cycled

to the lower voltage cut-off 1 V vs. Li0/Li+. Note the cut-off voltage is higher than

that of graphite and Si, which will impact the energy density. Therefore, both

criteria (1) and (2), defined in the introduction for good anode element, are

moderately satisfied, but the other criteria are very well satisfied. Upon cycling,

the anatase is a two-phase system, with separation between Li~0.01TiO2 and

Li~0.55TiO2 on the scale of several tens of nanometers [298]. This two-phase region

upon lithiation is maintained until all the Li~0.01TiO2 is converted into the

Li~0.55TiO2 phase, and is reflected in a voltage plateau in the voltage versus

capacity curve. This plateau occurs at 1.72–1.75 V during Li insertion, and 1.8–

1.9 V during delithiation, meaning a voltage hysteresis 0.1–0.2 V. However, the

Li~0.55TiO2 phase adopts an orthorhombic structure [299], this change of symmetry

being accompanied with a 4 % increase in the volume. The group of Wagemaker

and Mulder has examined the effect of particle size and structure on the Li-rich

orthorhombic and the Li-poor tetragonal phases [298, 300–303]. For big particles, It

is possible to cycle LixTiO2 reversibly only in the range 0� x� 0.55, without

capacity fading. By decreasing the size of the particles to the nanometer range, it

is possible to cycle until x¼ 1. However, the cyclability in the entire range 0� x� 1

is poor, because of the change of symmetry and the volume change associated to

it. In addition the Li kinetics at x¼ 1 are very slow. In practice, it is possible to

obtain a good cyclability and rate capability of nano-anatase TiO2 by limiting the

upper value of x to ~0.7.

Just like in the case of Si, and for the same reasons (better resistance to strain

apposite for enhanced ionic and electronic diffusion), porous material has improved

electrochemical properties with respect to nonporous structures. In particular,

mesoporous mono-phasic anatase TiO2 spheres of uniform particle size

(ca. 400 nm) encompassing an average crystallite size of 14 nm was synthesized

Fig. 10.6 (a) Rutile, (b) anatase, (c) brookite, and (d) bronze (B) of TiO2. Reproduced with

permission from [222]. Copyright 2009 Elsevier
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via the urea-assisted hydrothermal method [304]. Surface area of ca. 116.49 m g�1

along with a pore size of 7 nm authenticated the mesoporous nature of the

synthesized material. After calcination at 400 �C, this material delivered a revers-

ible capacity of 180 mAh g�1 after 80 cycles at C/10 rate (cycling range 1.5–3 V).

162, 160, 154, and 147 mAh g�1 at 0.5, 1, 5, and 10C rate, respectively.

Mesoporous anatase TiO2 with an ordered 3D pore structure was obtained using

the silica KIT-6 as a hard template [305]. The ordered pore structure consisted of

11 and 50 nm pores with walls of thickness 6.5 nm with a BET surface area

205 m2 g�1. A first discharge capacity of 322 mAh g�1 (composition Li0.96TiO2

was obtained at 0.09C rate, with excellent cycling performance up to 1000 cycles,

and very good high rate performance. It is possible to decrease the size and obtain

nanoporous TiO2, using a modified in-situ hydrolysis route [306]. This is a two-step

process. The first step is to prepare titanium glycolate spheres by the ethylene glycol

mediated process. In the second step, the titanium glycolate is mixed with water at

refluxing temperature, and the titanium glycolate reacts with water to form the

hierarchically nanoporous TiO2. The obtained nanoporous anatase TiO2 shows

fully reversible capacities as high as 302 mAh g�1 (1C; 100th cycle) and

229 mAh g�1 (5C; 100th cycle) [307]. The galvanostatic curves obtained in this

reference are reported in Fig. 10.7, illustrating the overall Li insertion mechanism

for the anatase structure. The remarkable high rate performance has been attributed

to the fact that the formation of irreversible phases from deep bulk discharge can be

avoided at high charge/discharge rates. Good results have also been obtained with
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Fig. 10.7 Galvanostatic curves for the two types of commercialized (comm-)anatase TiO2

particles with different grain sizes (�200 and �5–10 nm) and for the calcined nanoporous (np)-

TiO2 discharged at 0.2C, illustrating the three different regions. Region A: V> 1.75 V, x in

LixTiO2< 0.15, solid solution. Region B: V plateau at 1.75 V, 0.15< x< 0.5, two-phase bulk

intercalation. Region C V< 1.75 V, x> 0.5, where the continuous decrease of V indicates

interfacial storage pf Li. Reproduced with permission from [307]. Copyright 2011 Wiley
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TiO2 prepared by the molten salt method (MSM) [308, 309]. In particular,

nanosized particles obtained by urea-treated MSM delivered a reversible capacity

of 250 mAh g�1, and showed a 94 % capacity retention after 60 cycles [309].

Anatase TiO2 hollow microspheres (400 nm in diameter) with the shell

consisting of nanotubes (ca. 30 nm in diameter and 5 nm in wall thickness,

200 nm in length) have been synthesized via a template-free hydrothermal process

[281]. After calcination at 450 �C during 5 h to obtain mono-phasic anatase phase,

the electrochemical properties of the anatase sample have been investigated by

cyclic voltammetry and galvanostatic method. The initial Li insertion/extraction

capacity at a current density of 0.2C reached 290 and 232 mAh g�1 respectively.

Moreover, as-prepared TiO2 delivers a reversible capacity of ca. 150 mAh g�1 after

500 cycles at 1C (voltage range 1–3 V), and it also shows superior high rate

performance (e.g. 90 mAh g�1 at 8C). Nanotubes of anatase TiO2 have also been

synthesized by the hydrothermal process. Theses nanotubes with thickness 2–3 nm,

external diameter 8–10 nm, and length in the range 200–300 nm delivered a

maximum capacity at 300 mAh g�1, and good cycling life, with a capacity

250 mAh g�1 over 100 cycles. Hollow anatase TiO2 microspheres were designed

from a process employing in suit template-assisted and hydrothermal methods, with

controlled size and hierarchical nanostructures via adjusting the hydrothermal

reaction time and calcination temperature [310]. The results show that the hollow

microspheres composed of mesoporous nanospheres (6 nm size) possess an initial

reversible capacity 230 mAh g�1. A stable reversible capacity of 184 mAh g�1

(Li0.55TiO2), 172 mAh g�1 (Li0.51TiO2) and 122 mAh g�1 at 0.25, 1.5, and 10C
rate, respectively. The superior high-rate and high-capacity performance of the

sample is attributed to the efficient hierarchical nanostructures. The hollow struc-

ture could shorten the diffusion length for lithium ion in the microspheres. The large

mesoporous channels between the mesoporous nanospheres provide an easily-

accessed system which facilitates electrolyte transportation and lithium ion diffu-

sion within the electrode materials. The superiority of porous nanosphere over non

porous nanospheres has also been proved in [311]. Uniform and dispersed anatase

TiO2 nanoparticles have been synthesized from a triethylene glycol solution of

titanium isopropoxide [Ti(O-iPi)4] by refluxing at 270 �C for 12 h [312]. The

particle size varies from 50 to 5 nm, when the temperature used in the preparation

decreases from 500 to 100 �C. Depending on the size, the reversible capacity varies
from 100 to 250 mAh g�1 with capacity retention 85–90 % after 20 cycles at current

density 0.1 mA cm�2 [312] (1C rate¼ 335 mAh g�1).

Mesoporous material obtained by cetyl trimethylammoniumbromide templated

C16-TiO2 has a high surface area of 135 m
2 g�1 and reversible capacity of 288, 220,

138, 134, and 107 mAh g�1 at 0.2, 1, 5, 10, and 30C, respectively [288]. The

storage performance of the as-synthesized mesoporous TiO2 is nearly five times

better than the commercially available TiO2 nanopowder. The packing density of

this meso-TiO2 is 6.6 times higher than the TiO2 nanopowder, and the best result

obtained so far for anatase TiO2. Nevertheless, it is possible to increase the

performance of anatase nanoparticles by introducing oxygen vacancies by hydro-

gen reduction to increase the electronic conductivity [313]. In particular,
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H2-1 h-TiO2�δ anatase nanoparticles, i.e. particles (29 nm in size) thermally

annealed under 5 % H2/95 % Ar (PO2� 10�25 bar) for 1 h, delivered 307 mAh g�1

at the first cycle and 131 mAh g�1 at the 20th cycle, not only at 1C rate, but also at

10C-rate [313].
Nanorods have also been successful [314, 315]. In particular, the initial lithium

insertion/extraction capacities of mesoporous anatase TiO2 rods reached 262 and

221 mAh g�1, respectively, at a current density of 0.1 A g�1. A discharge capacity

of approximately 161 mAh g�1 could be retained after cycling at 1 A g�1 for

40 cycles, demonstrating good rate performance and high cycleability [314]. An

even larger capacity has been obtained with nanorods obtained by hydrothermal

reaction of amorphous TiO2 in NaOH to form Na2Ti3O7 nanorod, followed by ion

exchange in HCl solution, to give H2Ti3O7 and dehydratation at 400 �C. The rods
40–50 nm in length and 10 nm in diameter had a BET surface area 185.5 m2 g�1.

The first discharge and charge capacities were 320 and 265 mAh g�1, respectively

(1–3 V voltage range, 50 mAh g�1 current density). A reversible capacity of

225 mAh g�1 was observed after 50 cycles.

Nanotubes are also very promising [295, 316–321] when the wall thickness of

the nanotube is small for instance 330 mAh g�1 when the wall thickness is reduced

to 5 nm [317]. The initial large capacity with nano structures indicates interfacial

storage of Li. For instance, the first discharge capacity of np-TiO2 was 388 mAh g�1

in [307]. The problem is thus to stabilize this interfacial Li storage to avoid

important capacity loss upon cycling. The authors in ref. [307] state that this

capacity loss can be overcome by cycling the material at high C-rates without

further long rest periods. High-surface-area stable anatase TiO2 nanosheets com-

prising nearly 100 % exposed (001) facets have been obtained from spontaneous

assembly of the nanosheets into three-dimensional hierarchical spheres, which

stabilizes them from collapse [321]. The high surface density of exposed TiO2

(001) facets leads to fast lithium insertion/deinsertion processes: at a rate of 1C and

5C, a reversible capacity of 174 and 135 mAh g�1, respectively was retained after

more than 100 charge–discharge cycles.

Due to the low electrical conductivity of TiO2 (�10�13 S cm�1), various metals,

metal oxides, and carbonaceous materials with high electrical conductivity have

been utilized as matrices or conductive additives to improve the electrochemical

performance of anatase TiO2. Graphene appears promising to improve the rate

capability and cycle performance of titania owing to its unique characteristics

including superior electrical conductivity, large surface area, and excellent mechan-

ical flexibility. Nevertheless, due to the strong π-interaction of graphene sheets and
their intrinsic incompatibility with inorganic components, a homogeneous disper-

sion of titania nanoparticles onto graphene remains a challenge [141, 322–

326]. Nevertheless, good results have been obtained. Wang et al. fabricated a

composite of titania and graphene by hydrothermal process. The structure consisted

of 10 nm in diameter anatase TiO2 nanotubes with length from hundreds to

thousands of nanometers, built on a graphene layer [327]. The obtained capacity

was 350 mAh g�1 at the rate of 10 mA g�1. Rate capacities of 150 mAh g�1 (at the

rate of 4000 mA g�1) after 50 cycles and 80 mAh g�1 (at the rate of 8000 mA g�1)
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after 2000 cycles were observed. The coulombic efficiency was approximately

99.5 %, indicating excellent cycling stability and reversibility. Another example

is the successful fabrication of sandwich-like, graphene-based mesoporous titania

(G-TiO2) nanosheets by a nanocasting method has been obtained in [328], owing to

a synthetic strategy involving the employment of G-silica nanosheets as template,

and (NH4)2TiF6 as titania precursor in a sol–gel process. These G-TiO2 nanosheets

retained reversible capacities at 162 and 123 mAh g�1 at 1C and 10C, respectively,
and the coulombic efficiencies (calculated from the discharge and charge capaci-

ties) approach almost 100 %. Even at the high rate of 50C (charge/discharge within

72 s), a capacity of 80 mAh g�1 could still be delivered. TiO2-graphene composites

have also been reported to be promising anodes [329–332]. TiO2-reduced graphene

oxide composite (termed as TGC) nanostructures using tetrabutyl titanate as the

titanium source via a solvothermal route also gave good results [330]. The sample

was made of monodisperse TiO2 particles of thickness 200–300 nm, resulting from

the aggregation of particles of thickness 20–30 nm deposited on graphene oxide

sheets. Initial irreversible capacity and a reversible capacity of 386.4 and

152.6 mAh g�1 for TGC after 100 cycles at a high charge rate of 5C (1000 mA g�1).

Carbon-TiO2 composites have also been investigated. The combined benefits of

mesoporosity and in situ grown conductive amorphous carbon on lithium storage

capacity of anatase TiO2 have been discussed in [333]. Mesoporous carbon-TiO2

sphere exhibited a first discharge cycle capacity of 334 mAh g�1 at 0.2C rate,

whereas carbon-TiO2 sphere and mesoporous TiO2 stored 120 and 270 mAh g�1

respectively. The good cyclability in mesoporous carbon-TiO2 sphere was attributed

to the synergy of mesoporosity and in situ grown carbon in the formation of an

effective percolation network for the conducting species around the TiO2 spheres.

Mesoporous carbon TiO2 composites have also been investigated in [334], while

anatase TiO2-carbon nanofibers have been explored in ref. [335], and TiO2/carbon

nanotubes in [336, 337]. The combined benefits of mesoporosity and in situ grown

conductive amorphous carbon on lithium storage capacity of anatase TiO2 have been

discussed in [333]. Mesoporous carbon-TiO2 sphere exhibited a first discharge cycle

capacity of 334 mAh g�1 at 0.2C-rate, whereas carbon-TiO2 sphere and mesoporous

TiO2 stored 120 and 270 mAh g�1 respectively. The good cyclability in mesoporous

carbon-TiO2 sphere is attributed to the synergy of mesoporosity and in situ grown

carbon in the formation of an effective percolation network for the conducting

species around the TiO2 spheres.

Different composites made of anatase TiO2 with a conductive element: TiO2/Ag

[296],mesoporousTiO2/Cu and TiO2/Sn [287], TiO2/RuO2 [338], have been explored

for lithium storage, but the electrochemical properties were competitive with themore

recent results obtainedwith anatase TiO2. On another hand, a three-dimensional (3-D)

Ni/TiO2 nanowire network was successfully fabricated using a 3-D porous anodic

alumina (PAA) template-assisted electrodeposition of Ni followed by TiO2 coating

using atomic layer deposition [339]. With a stable Ni/TiO2 nanowire network struc-

ture, 100 % capacity is retained after 600 cycles. Finally, another way to increase the

electric conductivity has been doping anatase NiO2, N,F co-doping [340], Cu-doping

[341], doping with Mn, Sn, Zr, V, Fe, Ni, Nb [309].
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10.6.1.2 Rutile TiO2

Even though anatase is the most electroactive form in the voltage range 1–3 V,

rutile as also been widely studied. Nano-phased rutile TiO2 have demonstrated that

circa 0.5 mol of Li per TiO2 (170 mAh g�1) can be cycled in the voltage range 1–

3 V. Cycling rutile TiO2 is more facile than in the anatase phase, because the Li+

diffusion coefficient DLi in nano-rutile LixTiO2 is very high. It has been estimated

by impedance spectroscopy [342]. At ambient pressure, DLi¼ 7� 10�8 cm2 s�1 for

x¼ 0.1, decreasing linearly with x to 1� 10�9 cm2 s�1 at x¼ 0.4. A review and

discussion of the physical properties and electrochemical properties of rutile TiO2

dating from 2009 is reported in [38]. More recently, a simple way to prepare highly

flexible self-standing thin-film electrodes composed of mesoporous rutile TiO2/C

nanofibers with low carbon content (<15 wt%) by electro-spinning technique,

which can be applied directly as electrodes of lithium-ion batteries without the

further use of any additive and binder [343]. After optimization, the diameter of

fibers can reach as small as ~110 nm, and the as-prepared rutile TiO2 films show

high initial electrochemical activity with the first discharge capacity as high as

388 mAh g�1. Very stable reversible capacities of ~122, 92, and 70 mAh g�1 are

achieved respectively at 1, 5, and 10C rates with negligible decay rate within

100 cycling times. Among doped samples (N,F)-co doped rutile TiO2 delivered a

reversible capacity of 210 mAh g�1, and 80 % capacity retention after 60 cycles

[340]. The group of Wohlfahrt-Mehrens has made a very interesting work on rutile

TiO2 in a series of papers [279, 286, 344, 345]. There, the nanorutile TiO2 was

prepared by sol gel method using glycerol-modified Ti-precursor in the presence of

an anionic surfactant, and heat treatment at 400 �C in air. The rutile whiskers thus

obtained are agglomerated to form cauliflower-like aggregates of several microm-

eter size. The whiskers had a diameter of 4–6 nm in the ab-plane and a length of

~50 nm in the c -direction. The BET surface area was 181 m2 g�1. The Li

cyclability was studied in the usual voltage range 1–3 V, but also in the range

0.1–3 V vs. Li0/Li+ at various current rates, 0.05–30C (1C¼ 335 mA g�1), and at

various temperatures from 20 to �40 �C. Normally, amorphization and crystal

structure destruction of TiO2 is expected under deep discharge conditions to 0.1 V

vs. Li0/Li+. Surprisingly, this was not the case here. At 0.2C at 20 �C, large first-

discharge capacities of 380 and an extraordinary 660 mAh g�1 (2Li mol per TiO2)

were observed for the lower cutoff voltages of 1 and 0.1 V, respectively. These

values correspond to 1.1 and 2 mol of Li per mol of TiO2, respectively. Large

irreversible capacity loss was noted in the first discharge–charge cycle in the above

voltage ranges. However, after five cycles, the coulombic efficiency improved to

95–97 % and reversible capacities of 183 mAh g�1 (0.55 mol of Li) and

324 mAh g�1 (0.97 mol of Li) were observed in the voltage ranges 1–3 V and

0.1–3 V vs. Li0/Li+, respectively. Even at low temperature, the results were

remarkable. At �20 �C, a capacity of 80 and 140 mAh g�1 was noted in the

above voltage ranges, corresponding to 40 % capacity retention. The C-rate capa-

bility was also found to be excellent, with 50 and 24 % capacity retention at 20C
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rate, in comparison to the values at 0.05C rate. Long-term cycling studies, up to

1000 cycles at 5C rate and at 20 �C, showed a fading of capacity during the first

200 cycles, from 150 to 120 mAh g�1, a slow degradation up to 750 cycles and

finally stabilized at 105 mAh g�1 in the range 750–1000 cycles. This corresponds to

a capacity retention of 70 %. The reason why the rutile TiO2 has such outstanding

electrochemical properties down to 0.1 V is unknown. It has been suggested [22]

that amorphization of nanorutile TiO2 occurs during the first discharge at least in

the few surface layers, resulting in the formation of a composite, Li2O ∙TiOy

(y� 1.5), and Li cycling occurs through a “conversion reaction”.

10.6.1.3 TiO2-B

The bronze polymorph is the last one that accepts insertion of Li. It adopts an open

framework structure that enables easy Li transport in it. However, it can only be

prepared by the proton exchange of Na2Ti3O7, followed by heat treatment at 400–

500 �C, and this synthesis leads to residual H2O in the TiO2 and formation of

nonnegligible amount of the anatase phase. Nevertheless, TiO2-B is an attractive

anode material with large reversible capacity. The fast kinetics are illustrated by the

performance of porous TiO2-B microspheres with 12 nm pore size, which delivered

120 mAh g�1 at 60C rate [346]. At 10C rate, the sixth reversible capacity was

166 mAh g�1, and retained a value 149 mAh g�1 after 5000 cycles. This material

was obtained by a five-step template-assisted ultrasonic spray pyrolysis followed by

refluxing, ion-exchange, and heat treatment at 500 �C. Another example is the

mixture of 96 % TiO2-B nanoribbons, 4 % nanotubes, and 1 % nanospheres

obtained by the solution-refluxing method 120� for 1 week, followed by heat

treatment at 400 and 500 �C [289]. The nanoribbons were 30 nm width, 6-nm

thick, and 1–2 μm in length, and the BET surface area was 115 m2 g�1. Reversible

capacities of 200, 150, and 100 mAh g�1 were obtained at rates C/3, 3C, and 15C,
respectively (1C¼ 330 mA g�1); the capacity loss up to 500 cycles at 3C rate was

only 5 %. Note, however, that these results were obtained in electrodes with 50 wt%

carbon black loading, an amount of carbon that is prohibited in any commercialized

battery. Hierarchical porous TiO2–B with 5–10 thick nanosheets and BET surface

area 151 m2 g�1 delivered a reversible capacity of 211 mAh g�1 at 10C rate and

retained a capacity at 200 mAh g�1 after 200 cycles at 10C rate [347]. Nanosheets

of pure TiO2-B were also obtained by using multilamellar tetratitanate nanosheets

as the reassembly component when K+ replaced H+ as guest ions for the self-

reassembly of nanosheets [348]. The nanosheets were 200 nm in width, 1 μm in

length and 4-nm thick, with a BET surface area 66 m2 g�1. They exhibited a large

discharge capacity of 258 mAh g�1 at the fifth cycle and maintained a large

discharge capacity of 253 mAh g�1 after ten cycles.

TiO2-B nanowires encapsulated inside and an amorphous carbon layer coating

the outside were obtained by hydrothermal process [349]. These carbon-TiO2-B

nanowires exhibited a high reversible capacity of 560 mAh g�1 after 100 cycles at

the current density of 30 mA g�1, good cycling stability, and rate capability
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(200 mAh g�1 when cycled at the current density of 750 mA g�1). TiO2-B anatase

hybrid nanowires with a bicrystalline structure consisting of TiO2-B core and

anatase shell was performed by the hydrothermal process and post treatments

[350]. The phase fractions by weight were determined to be 92.8(5)% of TiO2-B

and 7.2(1)% of anatase. The composite electrode exhibited a highly reversible

initial specific discharge and charge capacity of over 256.5 and 232 mAh g�1,

respectively, in the first cycle. It maintained a high capacity of ~196 mAh g�1 after

100 cycles at C/10 rate, delivered a capacity 125 mAh g�1 at 15C, and after the

application of 15C, recovered to 219.3 mAh g�1 at C/10. The high rate capability of
TiO2-B has motivated the coupling with LiFePO4 counterelectrode, like in the case

of Ge. The LiFePO4//TiO2-B cell was tested with TiO2-B nanofiber bundles

[351]. The balancing mass ratio of the anode and cathode materials was designed

to be 1:1.5 by using the specific capacity of 200 mAh g�1 of the prepared TiO2 and

165 mAh g�1 of the LiFePO4, separately. The battery delivered an average voltage

1.8 V with capacities of 200 mAh g�1 based on the weight of the TiO2-B in anode.

Typically, the battery studied herein exhibited an initial discharge capacity of

160 mAh g�1 at the rate of 1C; more than 140 and 120 mAh g�1 discharge capacity

was delivered at a rate of 2C and 5C, respectively. The battery studied herein

exhibited a discharge capacity of 80 mAh g�1 at the high rate of 20C and an average

capacity loss of no more than 0.05 mAh g�1 per cycle. The full lithium battery

maintained 81 % of its initial capacity after 300 cycles. In summary, it is difficult

for TiO2 to compete with silicon. Like Si, TiO2 has a low electronic conductivity,

but its reversible capacity is much smaller. Nevertheless, TiO2 has the advantage of

reduced volume change upon cycling, which is beneficial to the safety and cycle

life. Anatase has always been considered as the best phase for anode applications.

However, the recent results showing remarkable properties in the full voltage range

0–3 V make the rutile phase competitive with respect to anatase. TiO2-B remains

the phase that allows for the highest rate capability. In fact, TiO2 is suitable for mass

production and it is cost effective. The problem is that its electrochemical proper-

ties, irrespective of the polymorph phase, require nano sizes and preferentially

composites, so that an anode-based TiO2 at the end is not cheap. Therefore, the

titanium oxide will presumably remain a niche market as an anode material,

especially as it also has to compete with another titanium compound, namely

Li4Ti5O12.

10.6.2 Li4Ti5O12

The Li4Ti5O12 (LTO) spinel is considered as the most appropriate titanium-based

oxide for use as anode in Li-ion batteries, and is actually considered as a viable

anode for Li-ion batteries. It exhibits excellent Li-ion reversibility according to a

two-phase reaction maintaining the constant voltage 1.55 V vs. Li0/Li+ with a very

small hysteresis between charge and discharge; this potential is high, which guar-

antees safety conditions as the formation of the SEI is mitigated, and the
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development of dendrites observed with carbonaceous, and in particular graphite

anodes, is avoided. It is cheap, very safe, environmental friendly, and has a

remarkable structural stability. Li cycling involves very little change in the cubic

lattice parameter so that LTO is a “zero strain” material ideally suited as an anode

material. That is why a huge amount of papers has been devoted to this material,

and again we guide the reader to the previous reviews on Li4Ti5O12 [21, 22, 38] to

focus attention here on the progress achieved in the recent years. The lithium

insertion/extraction reaction for Li4Ti5O12 can be summarized as:

Liþð Þ3 8að Þ
□16c Liþ Ti4þ
� �

5

h i
16dð Þ

O2�� �
12 32eð Þ þ 3Liþ þ 3e�

! 
□ 8að Þ Liþð Þ6 16cð Þ Liþ Ti3þ
� �

3
Ti4þ
� �

2

h i
16dð Þ

O2�� �
12 32eð Þ: ð10:5Þ

This reaction equation shows that the migration of the lithium between the

tetrahedral (8a) sites and the octahedral (16d ) sites oxygen coordination. The

theoretical capacity according to this equation is 175 mAh g�1. The electronic

conductivity of LTO is small (σe ~ 10
�12–10�13 S cm�1 at room temperature), due

to the fact that the t2g states of Ti4+ that form the conduction band of LTO are

empty. Fortunately, it improves upon lithiation, because the reaction equation show

that some of the titanium ions shift to the Ti3+ valence state, in which one t2g is

occupied, enabling the hopping between Ti3+ and Ti4+ ions. Nevertheless, the

consequence of the low value of σe of virgin LTO is that the theoretical capacity

can be approached only at low C-rate, especially as the ionic conductivity is also

small (3� 10�10 S cm�1). To overcome this problem, the solutions have been the

same as for any anode element, starting with the decrease of the size of the particles

to the nano-range, and favor porous LTO to increase the active surface area while

minimizing the length of the electron and ion path.

The electronic spray deposition (ESD) technique is a way of engineering nano-

structured anodes [352]. Already in 2005, the ESD spurs the formation of porous

nanoscaled LTO by using lithium acetate and titanium butoxide as the precursors

[353]. The obtained LTO showed fractal-like morphology. No obvious structure

change (see Fig. 10.8) was observed after annealing at a high temperature (700 �C),
demonstrating that the LTO film exhibited very good thermal stability. It was found

that the anode produced by the ESD provided high energy capacity (175 mAh g�1)

at cycling rate C/18, close to its theoretical value in the initial cycle. A capacity of

about 155 mAh g�1 was still achieved after ten cycles and remained constant up to

70 cycles. Mesoporous LTO microspheres (300 nm-spheres made of 20 nm-thick

primary particles were prepared by template-free hydrothermal process in ethanol–

water mixed solution aimed at the formation of mesoporous structure, and subse-

quent heat treatment. This material delivered 114 mAh g�1 at 30C and good

capacity retention of 125 mAh g�1 after 200 cycles at 20C (1C¼ 170 mAh g�1).

Next stepwas to associate the nano-LTOwith a conducting element under the form of a

composite or a coating to improve the rate capability.NanocrystallineLTOhas alsobeen

synthesized by single-step-solution-combustion method in less than 1 min [354].
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LTO particles thus synthesized are flaky and highly porous in nature with a surface

area of 12 m2 g�1. The primary particles are agglomerated crystallites of varying

size between 20 and 50 nmwith a 3-dimensional interconnected porous network. A

capacity value close to the theoretical value of 175mAhg�1 has been reached atC/2
rate. The electrodes also exhibited promising capacity retention with little capacity

loss over 100 cycles at varying discharge rates together with attractive discharge-

rate capabilities yielding capacity values of 140 and 70 mAh g�1 at 10 and 100C
discharge rates, respectively. Another synthesis route to fabricate hierarchically

porous LTOmicrospheresmade ofwell-crystalline nanoparticles is a hydrothermal

treatment of commercial anatase TiO2 powder in LiOH solution and a following

calcination procedure [355]. The surface area thus obtainedwas 57.5m2g�1.At rate

2C, this material delivered 147 mAh g�1 with 95 % retention after 200 cycles. Soft

chemistry can also be used to prepare spherical LTO particles made of

nanoparticles. In particular, such a sample prepared by solvothermal synthesis

based on the “benzyl alcohol route” delivered a capacity of 155 mAh g�1 at 1C
rate, with capacity retention of 95% over 200 cycles, for a surface area of 8 m2 g�1.

Porous LTO was also synthesized from mixture of LiCl and TiCl4 with 70 wt%

oxalic acid by a modified one-step solid state method [356]. In this case, the initial

capacity was 167 and 133 mAh g�1 at 0.5 and 1C charge/discharge rate, respec-

tively, and the capacity retention was maintained above 98 % after 200 cycles. A

capacity of 70 mAh g�1 at charge/discharge 10C rate after 200 cycles.

The morphology of the LTO in all these works was the same, namely spheres

made of primary nanoparticles. However, other geometries have also been obtained.

Hierarchical mesoporous nest-like LTO prepared by hydrothermal synthesis with

large surface area 219.2 m2 g�1 delivered 135 mAh g�1 after 200 cycles at 14C rate,

and 113.6 mAh g�1 were obtained at 57C [357]. Ten nanometer thick nano flower-

like LTO has been synthesized by hydrothermally treating amorphous TiO2 beads

under the additive of LiOH precursor [358]. This sample delivered a capacity of

148, 143, 141, 138, 133, 126, and 118 mAh g�1 at 0.5, 1, 3, 5, 10, 20, 30C,
respectively. The reversible capacity at 30C even remains over 80 % of that at

C/2. The superior C-rate performance has been associated with the nano flower-like

structure, facilitating lithium transportation ability during cycling. To obtain even

better results, the nano-LTO (nanorods, hollow spheres, nanoparticles) has been

carbon-coated [359, 360]. The results obtained with C-LTO particles of size 90 nm

[268] are illustrated in Fig. 10.8. The carbon coat covers the catalytic active sites of

LTO particles. Then some authors have deduced that the carbon coat separates the

LTO particles from the electrolyte, so that a solid electrolyte interface (SEI) film is

formed on the carbon layer during the formation process, which can prevent the

further reduction decomposition of electrolyte at around 0.7 V, making possible the

extension of the voltage range to lower potential [361]. This explanation, however, is

not satisfactory, because the SEI forms on the anodes, whether they are carbon,

graphite, or metal oxides, as soon as the voltage is lower than 1 V during Li insertion.

This is due to the reduction of the solvents present in the electrolyte, namely ethylene

carbonate (EC) and diethyl carbonate (DEC), aided by the presence of the Li
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salt (LiPF6). That is the reason why all the electrochemical performance reported

here have been obtained with the lower voltage at 1 V, unless specified. In addition,

the interest in the carbon coating (and actually any coating) is that the coat is porous

and does not prevent the contact between the electrolyte and the particles, otherwise

the particles would not be active. To the contrary, carbon-coating improves the

electrochemical performance. For example, a chain-structured carbon coated LTO

prepared by a filter paper templated sol–gel route reached 165 mAh g�1 at C/5 and

110 mAh g�1 at a high rate of 12C [362]. 100 nm-sized C-LTO primary particles

with surface area 12 m2 g�1 were synthesized by a simple solid-state reaction using

TiO2, Li2CO3, and pitch [363]. The 5wt%C-coated sample had a uniform 3 nm thick

carbon coat. At rate 1C, the reversible capacity was 165 mAh g�1 with 99 %

retention over 100 cycles. A very good cyclability was also obtained at 5C and

10C rates. A 5 wt% carbon-coated LTO has also been prepared by template-free

solvothermal synthesis [364]. In this case, the LTO consisted in 0.5–1 μm sized

porous microspheres composed of 11 nm-sized crystallites (pore diameter 4.3 nm).

When cycled in the range 1–2.5 V, this C-coated LTO delivered 158 and

100 mAh g�1 at 1C and 50C, respectively without noticeable capacity fading. In

another work, porous LTO particles prepared by spray drying method have been

coated with nitrogen-doped carbon that turns out to give better results than

non-doped carbon derived from sugar [365]. The best results were obtained with

7 wt% N-doped carbon–coated LTO made of spherical particles, size 3–5 μm
composed of nano-sized aggregates. The capacities at 5C and 10C rates were

145 and 129 mAh g�1, respectively, stable for at least 20 cycles. At 2C rate, the

initial capacity was 150 mAh g�1, with a capacity retention of 83 % after 2200

cycles. The reduction of the thickness of the carbon coat to 1 nm owing to the use of

cetyltrimethylammonium bromide (CTAB) as a surfactant significantly improved

the rate performance of carbon coated LTO by facilitating the diffusion of Li through

the carbon layer [366]. The specific capacities of such a C-LTO material with lump

Fig. 10.8 (Left) TEM image showing the carbon coat of the C-Li4Ti5O12 composite (particles of

size 90 nm) and (right) the charge curves of the C-Li4Ti5O12/1 mol L�1 LiPF6 in EC-DEC (1:1)/Li

cell at different C rates. Reproduced with permission from [268]. Copyright 2012 Elsevier
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morphology prepared by hydrothermal process at charge and discharge rates of 0.1,

1, 5, 10, and 20C were 176, 163, 156, 151, and 136 mAh g�1.

Another process to improve the performance of LTO has been the synthesis of

composites. In particular, just as in the case of the other anode materials reviewed in

the previous sections, the composite LTO-graphene. Composites of 1 wt%

graphene and nano-LTO was prepared with a surface area of 170 mAh g�1 by

electrospinning [367]. At a discharging and charging rate of 22C, the initial

reversible specific capacity of the graphene-embedded LTO nanocomposites was

around 110 mAh g�1. After 1300 cycles a capacity of 101 mAh g�1 was observed

(91 % of the initial capacity). Composites with other forms of carbon have also been

prepared. Urchin-like LTO–carbon nanofiber delivered 123 mAh g�1 when

charged/discharged at 15C [368]. LTO nano-platelets of size 10–20 nm have

been uniformly dispersed on reduced graphite oxide (RGO) to form a nano-hybrid

composite (72:38 wt%) by microwave-assisted solvothermal reaction followed by

heat treatment at 700 �C [369]. Reversible capacities 154, 142, 128, and

101 mAh g�1 have been obtained at 1, 10, 50, and 100C rates, respectively. The

capacity retention after 100 cycles was 95 % at 1 and 10C rates. Carbon nanotubes

(CNT)-LTO composites have also been prepared by mechanically mixing LTO

with CNTs [370–372]. Better results have been obtained by adding carbon, thus

forming a LTO/C/CNT composite, synthesized by solid-state method [373]. For a

6 wt% of total content of C (pitch) and CNTs, the discharge capacities were

163, 148, and 143 mAh g�1, for charge–discharge rate of 0.5, 5, and 10C, respec-
tively. After 100 cycles at 5C, it remained at 146 mAh g�1. An entanglement

structure for an LTO/multiwalled carbon nanotube (MWCNT) composite is pre-

pared by a ball-milling-assisted solid-state reaction [370]. At 10C rate, the

corresponding electrode delivered 147 mAh g�1, with a capacity retention 97 %

over 100 cycles. In a different synthesis approach, Nano-LTO has also been

anchored on MWCNT by liquid phase deposition, owing to the controlled hydro-

lysis of tetrabutyl titanate [374]. The predetermined amount of MWCNT in nano-

LTO/MVCNTs composite was 10 wt%. Then, the MWCNTs surfaces was

functionalized using concentrated nitric acid that introduces functional groups

such as carboxyl (–COOH), hydroxyl (–OH), and carbonyl (CO) groups. Then,

the TiO2 nanoparticles were anchored on the surface of MWCNTs by the controlled

hydrolysis of tetrabutyl titanate. Finally, the TiO2/MWCNTs were converted to

LTO/MWCNTs nanocomposite by a short heat-annealing. The LTO particles thus

obtained were 50 nm thick. Tested in the voltage window 1–2.5 V, these

LTO/MWCNTs delivered a capacity of 171 mAh g�1 (per gram of LTO) at 1C
rate, and still 90 mAh g�1 at 30C rate, stable over at least 30 cycles. This

performance is close to that of the N-doped carbon coated LTO in

[365]. MWNT-LTO core/sheath coaxial nanocables (thickness 25 nm) obtained

by solid-state synthesis with rich hierarchical pores providing a high surface area of

80 m2 g�1 delivered a capacity of 90 mAh g�1 at 40C over 100 cycles [375]. These

different results give evidence of the important improvement of the electrochemical

properties by the use of carbon nanotubes that facilitate the penetration of the

electrolyte and improve the electronic conductivity.
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The main disadvantage of LTO with respect to TiO2 being its lower capacity, a

dual-phase LTO-TiO2 consisting of irregular nanocrystals and nanorods has been

synthesized by hydrothermal process with adding thiourea to add up the properties

of both oxides [376]. After 300 cycles at 1C rate, the dual-phase LTO-TiO2

nanocomposite maintained a capacity of 116 mAh g�1. The large capacity of

132 mAh g�1 was also observed at the current density of 1600 mA g�1 upon

cycling. This high rate capacity has been attributed to the pseudocapacitive affect

induced by the presence of abundant phase interfaces in this composite. In another

work, the elements of the dual-phase LTO-TiO2 have been carbon-coated [377],

delivering 110 mAh g�1 at a current density of 10C up to 100 cycles.

Another prominent route to overcome the low conductivity has been to dope

LTO. The doping introduces Ti3+ ions which contain one conducting electron in the

t2g sub-band. In this regard, Shen et al. published a facile template-free route to

fabricate LTO nanowire arrays growing directly on Ti foil while creating Ti3+ sites

through hydrogenation [378]. At a low C-rate (e.g. C/5), this electrode achieved a

first discharge capacity as high as �173 mAh g�1. As the current rate increased

from 1 to 5 and 10C, the discharge capacity slightly decreased from 166 to 157 and

145 mAh g�1, respectively. At the high rate of 30C (5.3 A g�1), the capacity

retained 69 % of the value achieved at 0.2C with a discharge voltage plateau at

1.33 V, indicating the excellent rate capability of the material. These electrochem-

ical properties are compared in Fig. 10.9 with the capacities delivered by different

LTO anodes: TiO2-coated LTO [379], nano-crystalline LTO [354], mesoporous

LTO/C [380], LTO/graphene [381], carbon-coated LTO [382], phosphidated LTO

[383], Ni-doped LTO [384] (figure extracted from ref. [380]). It shows that the

hydrogenated LTO nanowires growing directly on Ti foil without any additive

gives the best results, comparable to commonly conductive coating electrodes. This

is due to the increase of the electronic conductivity resulting from the doping by

hydrogenation, and the large space that facilitate the fast transfer of Li+ and small

diameter of NW that provides the short diffusion length. LTO has also been doped

with supervalent metal ions with respect to Ti4+: Nb5+ [385, 386], V5+ [387,

388]. More surprising, good results have been obtained by Gu et al. for what the

authors called doping with Zr4+ [389] to obtain carbon-coated Li4Ti5�xZrxO12

(x¼ 0, 0.05). Since Zr4+ is isovalent with Ti4+, Zr is not supposed to act as a dopant

if it substitutes for Ti; nevertheless, the electronic conductivity increased with this

substitution [390], for unknown reason. But most of all, the remarkable electro-

chemical properties was observed by extending the voltage range from 2.5 V down

to 0 V instead of 1 V, which recalls the work of the Wohlfahrt-Mehrens group on

rutile TiO2 in the previous section. The Zr4+-doped Li4Ti5O12/C delivered a dis-

charge capacity 289 mAh g�1 after 50 cycles at 0.2C rate, when extending the

voltage range to 0–2.5 V, and the capacity was still 212.6 mAh g�1 at 5C. Like in
the case of rutile TiO2, the reason for this improvement, in particular by extending

the voltage range down to 0 V is not understood and more investigations on surface

reactions of the titanium oxides are clearly needed. Moreover, we cannot take for

granted the possibility to use such low voltages to improve the performance of the

anodes. In an analysis made on V-doped LTO [386], it has been noticed that the
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electrolyte starts to decompose irreversibly below 1.0 V, and SEI film of LTO is

formed at 0.7 V in the first discharge process, thus altering the cycling life. In

particular, the cycling life has not been investigated in the Zr-doped LTO

discharged at 0 V. Other doping with aliovalent ions have also led to some

improvement of the electrochemical properties, but not with the same success:

Fig. 10.9 Schematic illustrating the synthetic procedure for making highly loaded CoO/graphene

nanocomposites and their electrochemical properties. (a) The first three CV curves of the

CoO/graphene nanocomposite with a mass ratio of 9:1 in the potential range of 0.0–2.5 V at a

scan rate of 0.1 mV s�1. (b) The first three discharge–charge curves of the CoO/graphene

nanocomposite with a mass ratio of 9:1 at a current density of 100 mA g�1 and room temperature.

(c) Discharge capacities vs. cycle number for the CoO/graphene nanocomposites with mass ratios

of 9:1, 7:3, and 4:6, and pure graphene at a current density of 100 mA g�1 and room temperature.

(d) Specific capacities of the CoO/graphene nanocomposite with a mass ratio of 9:1 for different

discharge-charge cycles at current rates between 0.25 and 8.0 A g�1. (Black: coulombic efficiency;

red: discharge capacity; blue: charge capacity). Reproduced with permission from [494]. Copy-

right 2013 Royal Chemical Society
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Mg2+ [391], Al3+[392–394], Ni2+[384, 395, 396], Mn2+ [395], Cr3+ [396], Co2+

[394, 395], Fe3+ [396], Ga3+ [394], La3+[397–400], Zn2+ [401, 402], Mo6+ [403],

Mo4+ [404], Sn2+ [405], Ta5+ [406], Ru4+ [407], F� [392] and Br�[408]. Much

better results have been obtained recently by choosing a different dopent, namely

yttrium [409]. The Y-doped LTO (Y concentration 4 at.%) delivered 141.3 mAh g�1

after 1800 cycles at 10C rate. Owing to these outstanding properties, LTO has been

recognized since some time as a viable anode for Li-ion batteries, and the progress

that have been reviewed in this section confirm this ability. In particular, due to

safety considerations, LTO is well suited to HEV applications and in load-shedding.

Therefore, batteries with LTO anode have been tested with all the cathodes that are

envisioned for Li-ion batteries.

10.6.3 Ti-Nb Oxide

The research on new Ti-derived compounds still goes on. Recently, the

Goodenough’s group worked on TiNb2O7 (TNO), which crystallizes in a mono-

clinic layer structure [410]. After carbon-coating, this material a reversible capacity

of 285 mAh g�1 was obtained and the voltage-capacity profile showed a plateau at

1.6 V. At C/5 and after ten cycles in the standard voltage range 1–2.5 V, the

capacity retention was 98 % and a capacity 270 mAh g�1 was stable up to 20 cycles.

The Nb4+-doped carbon-coated TNO (C-Ti0.9Nb2.1O7) gave the best results, with

stable performance upon discharge at 2C and charge from 2C up to 600C rate. The

safety and structural stability have not been tested, yet.

10.7 Oxides Based on Alloying/De-alloying Reaction

10.7.1 Si Oxides

Since silicon suffers from the huge change of volume upon lithiation-delithiation,

SiO has been viewed as an alternative. SiO is a mixture of amorphous Si and

amorphous silica. Lithium oxide (Li2O) is generated during the first lithiation:

SiOþ 2Liþ þ 2e� ! Li2Oþ Si; ð10:6Þ

thus creating a microstructure in the active material such that Si nanodomains are

embedded in the Li2O matrix [411]. As a result, the Li2O layers can act as buffer

zones and thus suppress the side effects originating from the volume changes of Si.

This reaction during the first lithiation also shows that the cycleability in the

subsequent cycles is due to the silicon Si that is the only active species, giving

reversible capacity via alloying/de-alloying reaction with Li in a matrix of lithium
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silicates formed during the first discharge by the reaction between silica and Li. The

study of the electrochemical reduction of SiO2 in hard carbon has shown that SiO2

is reduced to Si along with the formation of Li2O and/or Li4SiO4 [412]. The works

concerning the electrochemistry of SiO and its composites before 2010 have been

published in [25]. Progress has still been done since then. Of course, SiO, just like

Si and for the same reason, SiO is usually mixed with a conductive element to

improve the electrical conductivity of the material, and this element is usually

carbon, either by coating, or under the form of composites. The synthesis param-

eters of SiO, however, also play a role. In particular, disproportionated-SiO (d-SiO)

powders obtained by heat-treatment of SiO at 1000 �C has been found to give the

best electrochemical performance among the samples tested in terms of the initial

Coulombic efficiency and cycle retention [413]. This material milled with graphite

powder to obtain a nano-Si/SiOx/graphite composite delivered a constant capacity

of 600 mAh g�1 between the 10th cycle and the 200th cycle at rate of 100 mA g�1.

SiOx/Si composed of Si-suboxide and embedded Si nanocrystallites were pre-

pared via a partial reduction reaction between ball-milled silicon monoxide and

magnesium by high-energy mechanical milling [414]. After carbon-coating via a

chemical vapor deposition process, the composite showed a stable reversible

capacity of ca. 1250 mAh g�1 and excellent cycling stability with 90.9 % capacity

retention on the 100th cycle versus the 6th one. Coating SiO with N-doped carbon

(NC) improves the capacity at any C-rate, since it improves the electronic conduc-

tivity of the carbon coat. NC-SiO shows 955 mAh g�1 after 200 cycles when cycled

at 1C, corresponding to a capacity retention of 92 % [415]. This result was obtained

with SiO particles as large as 20 μm, giving evidence that the side effects (fracture,

pulverization of micron-sized Si particles) upon the change in volume of Si have

been avoided with SiO. We have already noticed in the previous section, including

the section devoted to Si-anodes, that the porosity improves the electrochemical

properties by increasing the effective surface area. This is also true for SiO-anodes.

Carbon-coated porous SiO have shown an excellent capacity of 1490 mAh g�1 over

50 cycles at rate 0.1C, and stable capacities of 1100 and 920 mAh g�1 have been

observed at 3 and 5C, respectively [416]. The SiO-carbon composite materials

consisting of SiO, graphite, and carbon fiber with carbon coatings showed the

smallest irreversible capacity at the first cycle and the best capacity retention

among the other silicon-based materials examined, such as carbon-coated silicon,

the one-to-one mixture of “SiO” and graphite, or one-to-one mixture of carbon-

coated “SiO” and graphite [417]. Capacity of more than 85 % compared to

capacities observed for initial ten cycles is retained after 100 cycles when the

laminate-type cell with a positive electrode is examined in voltage ranging from

2.5 to 4.2 V. In a different work, Si–SiO2-C composites have also been synthesized

by ball milling the mixture of SiO, graphite, and coal pitch in the mass ratio mass

ratio of 3:1.5:1.5, respectively, and subsequent heat treatment at 900 �C in inert

atmosphere. This composite delivered a reversible Li-alloying/de-alloying capacity

of 700 mAh g�1 and excellent cyclic stability even at about the 90th cycle at the

current density of 100 mA g�1. An even better result was obtained with a ball-

milled SiO and carbon nanofiber (CNF) composite anode that delivered the same
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capacity of 700 mAh g�1 after 200 cycles [418]. This result comes from the

reduction of the irreversible capacity at the first cycle for the SiO/CNF composite

electrode was reduced to 2 % by chemically pre-charging with a lithium film

attached to the rim of the electrode. Silicon monoxide/graphite/multiwalled carbon

nanotubes (SiO/G/CNTs) material prepared by ball milling followed by chemical

vapor deposition method exhibited an initial specific discharge capacity of

790 mAh g�1 with a columbic efficiency of 65 %. After 100 cycles at a constant

current density of 230 mA g�1, a high reversible capacity of 495 mAh g�1 was still

retained [419]. A novel SiO/graphene composite exhibited a high initial specific

capacity of 2285 mAh g�1, excellent cyclic performance of 890 mAh g�1 at 100th

cycle and good rate capability, which was ascribed to the three-dimensional archi-

tecture of SiO/graphene nanocomposite [420].

A different approach comes from the consideration that the SiO2 in dispropor-

tionated SiO has been considered as a main matrix phase and a cause of the initial

irreversible reaction [421]. Hence the idea to reform this matrix phase to retain less

irreversible electrochemical reactivity and more reinforced mechanical properties.

This has been done in ref. [422], where a nanostructured SiAl0.2O composite

material has been developed via mechanochemical synthesis. The compositional

structure of the matrix is aluminosilica in which most of Si atoms are neighbored

with two Al atoms over oxygen. This composite offered a capacity of 800 mAh g�1

over 100 cycles at a current density of 120 mA g�1.

It should also be noted that attention should be taken to the fact that the

performance of SiO-anodes depend importantly on the choice of binder, which

makes difficult the quantitative comparison of the electrochemical performance

between different works. The study of the electrochemical properties for different

binders has been made by Komaba et al. [423] who showed that the electrochemical

reversibility of SiO anodes is drastically improved by using poly(acrylic acid)

(PAA) as the binder in comparison to the PVdF, sodium carboxymethyl cellulose

(NaCMC), and poly(vinyl alcohol) PVA binders. Polyimide as binder was also

found to give very good results [424]. A concern with SiO is the thermal instability

due to the sudden exothermic peak in the region of 350–400 �C. This enthalpy peak,
however, is importantly reduced (but not suppressed) by coating SiO with anatase

TiO2 [425]. This has been attributed to the thermal stability of lithiated TiO2 and its

SEI [279, 280].

Columnar-shape SiOx nanoconifers were directly self-assembled on metallic

NiSix (0.9< x< 1) nanowires by means of chemical vapor deposition technique

[426]. The first discharge and charge capacities of these SiOx nanoconifers were

4058 and 1737 mAh g�1 at the current density of 150 mA g�1, which produce the

irreversible capacity loss of 57 % at the very first cycle. After the first cycle,

the SiOx nanoconifer cell shows very high coulombic efficiency over 97 % for

the subsequent cycles. After 20 cycles, the capacity is measured to be

1375 mAh g�1, which corresponds to 80 % of the initial capacity. Then, its capacity

is gradually degraded to about 800 mAh g�1 up to the 100th cycle. Other multi-

composites have been recently synthesized. Carbon-coated SiOx and PVdF binder

was uniformly coated with Cr by ion beam sputtering [427]. The Cr coating was
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found to improve the electrochemical performance of the electrode. The first charge

capacity of the coated anode was 1127 mAh g�1 at C/10. The second discharge

capacity was 517 mAh g�1, and after 100 cycles at the C/10 rate, the capacity was

still 517 mAh g�1. Mechanically alloyed composite anode materials based on SiO–

SnxFeyCz have also been investigated, and the composition x, y, z adjusted to

optimize the electrochemical properties [428]. The 50 wt% SiO–50 wt%

Sn30Fe30C40 composition exhibits high specific capacity (900 mAh g�1 at C/6
rate) with good cycle life up to 40 cycles, but the capacity decreases at subsequent

cycles.

Contrary to the SiO, SiO2 has not been considered as a competitor to sicon

anodes. However, recent efforts have been made to improve the performance of

silica. Hollow porous SiO2 nanocubes prepared via a two-step hard-template

process exhibited a reversible capacity of 919 mAh g�1 over 30 cycles at the

current density of 100 mA g�1 between 3 and 0 V [429]. In the same way, SiO2

nanotubes fabricated via a facile two step hard-template growth method exhibited a

highly stable reversible capacity of 1266 mAh g�1 after 100 cycles with negligible

capacity fading [430]. In both cases, the hollow morphology of the SiO2 nanotubes

or nanocubes accommodates the large volume expansion experienced by Si-based

anodes during lithiation and promotes preservation of the solid electrolyte inter-

phase layer.

10.7.2 GeO2 and Germanates

GeO2 has been studied since 10 years as a potential anode material [431]. During

the first discharge reaction, an amorphous Li2O · GeO2 phase forms at 0.65 V, and

in the range 0.55–0.35 V, crystal structure destruction occurs to form the nano

composite Li2O ·Ge and (LiGe). This is followed by the formation of the alloy,

Li4.2Ge in the voltage range 0.35–0.05 V. As a result, a drastic capacity fading is

observed due, at least partly, to the large change of volume of the unit cell resulting

from the alloying/de-alloying reaction Ge + 4.2Li+ + 4.2e�$Li4.2Ge. A recent

progress, however, has been achieved by using Ge with a conductive carbon coating

[432]. GeO2/Ge/C was prepared in a three steps process, starting with the synthesis

of GeO2 from hydrolysis of GeCl4 and followed by carbon coating with acetylene

gas, resulting in GeO2/C. The last step was the reduction of GeO2/C to GeO2/Ge/C

through heating at 650 �C. The composite showed high capacities of 1860 and

1680 mAh g�1, at the current rates of 1C and 10C, respectively, with good cycling

stability over 50 cycles at 0.5 discharge rate and 1C (2.1 A g�1) charge rate. This

improvement in the performance was attributed to the enhancement of the revers-

ibility of the alloying/de-alloying reaction of GeO2 with lithium by the carbon

coating and the catalytic effect of Ge. Among the Ge-based compounds [433, 434],

LiGe2(PO4)3 has the most promising electrochemical properties. It adopts the

Nasicon-type structure containing GeO6 octahedra and PO4 tetrahedra, while Li

occupies the 3D channels. A reversible capacity of 460 mAh g�1 was obtained
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when LGP was cycled in the voltage range 0.001–1.5 V at a current rate of

150 mA g�1, and 92 % of the capacity was retained after 25 cycles. At a high

current of 1500 mA g�1, 77 % capacity retention was noted after 1000 cycles [433].

10.7.3 Sn Oxides

During the first discharge, SnO and SnO2 undergo structural destruction

(amorphization) and formation of nano Sn-metal dispersed in amorphous Li2O

according to the reactions:

SnOþ 2Liþ þ 2e� $ Snþ Li2O; ð10:7Þ
SnO2 þ 4Liþ þ 4e� $ Snþ 2Li2O: ð10:8Þ

These two-phase reactions are irreversible and responsible for an irreversible loss of

capacity during the first cycle. This is followed by the reversible reactions that

contribute to the reversible capacity:

Snþ 4:4Li $ Li4,4Sn: ð10:9Þ

Thus, the theoretical reversible capacities of SnO and SnO2 are 875 and

782 mAh g�1, respectively. The cycling performance is improved with respect to

those of Sn metal, owing to the formation of nano-Li2O that acts as a buffer during

alloying/de-alloying of Sn (Eq. 10.9), thus maintaining the integrity of the Sn

particles. Nevertheless, the problem of capacity fading has never been solved for

SnO, despite the numerous efforts that have been reviewed in ref. [22]. The efforts

today are focused on SnO2 that has better electrochemical properties, also linked to

the fact that it is the stable form of tin oxide. The optimum voltage range for the

alloying-dealloying reaction of SnO2 is 0.005–1 V vs. Li0/Li+. At higher cut-off

voltage, SnOx forms according to the reaction:

Snþ xLi2O $ SnOx þ 2xLiþ þ 2xe� x < 2ð Þ; ð10:10Þ

which invariably gives rise to a capacity fading because of the large change of

volume that is associated to this reaction, in addition to the change of volume

associated to the alloying-dealloying reaction of Sn in Eq. (10.9). Therefore, until

recently, a capacity circa 1494 mAh g�1 associated to Eq. (10.10) could be

observed only in the first cycles, and fades to the value associated to the reversible

reaction (Eq. 10.9). That is why the theoretical capacity of SnO2 is usually consid-

ered to be 782 mAh g�1. The study of SnO2 upon cycling has been performed by

TEM experiments and discussed in detail in some papers [435, 436] and a review

[437]. Again, we only refer to the previous reviews (see also [22]) for the studies

prior 2009, and focus attention on more recent results. For SnO2, like for any anode
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nowadays, the material is always prepared at the nanoscale to improve the conduc-

tivity and optimize the capacity of the material to suffer the change of volume upon

cycling without loss of structural integrity.

SnO2 nanorod arrays of average 60 nm in diameter and 670 nm in length have

been prepared on large-area flexible metallic collector substrates via a hydrother-

mal process [438]. A reversible capacity of 580 mAh g�1 after 100 cycles at the

0.1C rate (C was defined as 4.4 Li+ per hour; 781 mA g�1) and shows good rate

capability (350 mAh g�1 at the 5C rate). The electrode was obtained by thoroughly

mixing 75 wt% active materials, 15 wt% carbon black, and 10 wt% polyvinylidene

fluoride (PVdF) in N-methyl-2-pyrrolidene (NMP) solvent. The addition of a large

concentration of carbon is always beneficial to the electronic conductivity and acts

as a buffer to facilitate the structural stabilization of the active material, but in a

commercial battery the concentration of carbon in the electrolyte does not exceed

10 wt%. This is the amount of carbon that has been mixed with ultra-fine porous

SnO2 nanopowder (5 nm) synthesized by a simple, easily scaled-up molten salt

method [439]. This electrode delivered a reversible capacity of 410 mAh g�1 after

100 cycles in the voltage range of 0.05–1.5 V at 0.1C. The reversible charge

capacity at the 5 and 10C rates during the first cycles is about 400 and 300 mAh g�1,

respectively. This result is another example of the efficiency of the combination

nano and porous, which we have already evidenced in the case of the Si anode. In

the same way, mesoporous SnO2 spheres in the range of 100–300 nm delivered

761 mAh g�1 capacity after 50 cycles at the current density of 200 mA g�1. Even at

2 A g�1, it retained 480 mAh g�1 after 50 cycles [440]. The self-assembly of tin

dioxide (SnO2) porous microspheres conducted via a surfactant-free onestep hydro-

thermal reaction delivered a stable capacity about 690 mAh g�1 after 50 cycles at a

current density of 500 mA g�1. These results are less spectacular than some others

reported hereunder, in particular when combined with graphene, but this anode is

also more scalable. Other morphologies have been explored. SnO2 nanofibers

consisting of orderly bonded nanoparticles have been obtained by thermal pyrolysis

and oxidization of electrospun tin(II)2-ethylhexanoate/polyacrylonitrile (PAN)

polymer nanofibers in air [441]. They delivered a reversible capacity of

446 mAh g�1 after 50 cycles at the 100 mAh g�1 rate and excellent rate capability

of 477.7 mAh g�1 at 10C rate.

In the form of thin films, the best results have been obtained with Sn-Co-O and

Sn-Mn-O films [442, 443]. In particular, at C/2 rate, the Sn-Co-O films delivered a

reversible capacity of 734 mAh g�1. Interestingly, this capacity increases to

845 mAh g�1 after 50 cycles. Such an increase upon cycling has been also observed

in other SnO2-anodes, and we shall return on this property when discussing the case

of the SnO2/N-doped graphene hybrid material.

SnO2 hollow structures have been reviewed in ref. [53]. Such structures, how-

ever, failed to alliavate entirely the capacity fading associated to the large volume

change upon cycling, and good results can be obtained only up to circa 30–50

cycles. Coating SnO2 is another route that has been explored to improve the anode

performance. Electrodes have been built with carbon-coated SnO2 nanoparticles

(6–10 nm-thick) prepared by hydrothermal process [444]. The as-prepared
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SnO2-carbon with 8 wt% carbon could deliver a capacity as high as 631 mAh g�1

even after 100 charge/discharge cycles at a current drain of 400 mA g�1. This result

is actually better than nanoparticles of SiO2 embedded in 12 wt% carbon matrix

[445] despite the porosity of the nanoparticles. More recently, interconnected

ultrafine SnO2–C core–shell (SnO2-C) nanospheres have been successfully synthe-

sized via a simple one-pot hydrothermal method and subsequent carbonization,

giving rise to outstanding electrochemical properties [446]. Discharge capacity

reaches as high as 1215 mAh g�1 after 200 cycles at a current density of

100 mA g�1, giving evidence that the problem of the aging associated to the volume

change associated to the reaction in Eq. (10.11) upon cycling has been solved. Even

at 1600 mA g�1, the capacity is still 520 mAh g�1 and can be recovered up to

1232 mAh g�1 if the current density is turned back to 100 mA g�1. A carbon-coated

SnO2–NiO nanocomposite electrode exhibited a reversible capacity of about

529 mAh g�1 at 800 mA g�1, and 265 mAh g�1 at 1600 mA g�1, even after

500 cycles [447]. A larger capacity but with larger capacity fading has been

obtained with nano-Si-coated nanotube SnO2 with the composition 40:60 wt%.

At 0.5C rate in the voltage range 0–1.2 V, this anode delivered an initial reversible

capacity of 1800 mAh g�1, slowly degrading to 1600 mAh g�1 after 90 cycles. This

high capacity is due to the fact that both Si and SnO2 are electrochemically active.

However, since both Si and SnO2 suffer large volume changes upon cycling, some

deterioration of the tube wall structure was evidenced by TEM studies after

90 cycles at 2C rate. The best result, however, has been obtained in 2014 by coating

SnO2 with HfO2 by atomic layer deposition [448]. This anode delivered a capacity

of 853 mAh g�1 after 100 cycles at a current density of 150 mA g�1. Finally, a

novel high performance cathode material for LiBs has been developed by coating

V2O5 on SnO2 nanowires, utilizing the better conductivity of SnO2 nanowires and

the short diffusion distance of the thin V2O5 layer [449]. This material delivers a

high power density of about 60 kW kg�1, while the energy density remains

282 Wh kg�1.

Different composites have been investigated, combining SnO2 with a metallic

compound, such as Cu [450, 451]. Good results have also been obtained with a

conductive polymer: SnO2 nanoparticles uniformly decorated polypyrrole (PPy)

nanowires could deliver 690 mAh g�1 with 90 % capacity retention between the

2nd and the 80th cycle at current rate 690 mA g�1 in the voltage range 0.005–3 V

[452]. However the best results have been obtained with carbon under different

forms [453–459]. SnO2/multiwalled carbon nanotubes (MWCNT) made of an

uniform layer of SnO2 nanocrystals with crystal size around 5 nm was deposited

on the surface of the carbon nanotubes have been synthesized by the solvothermal

method [456]. The reversible capacity was 709 mAh g�1 at the first cycle, stabi-

lizing to circa 400 mAh g�1 over 100 cycles in the voltage range of 0.01–3 V at a

constant current density of 100 mA g�1 based on the weight of the composite.

A SnO2/multiwalled carbon nanotubes core-shell structure prepared by wet chem-

ical route delivered an initial discharge capacity and reversible capacity up to

1472.7 and 1020.5 mAh g�1, respectively [456]. Moreover, the reversible capacity

still remained above 720 mAh g�1 over 35 cycles in the voltage range 0.005–3 V, at
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current density 0.2 mA cm�2, and the capacity fading was only 0.8 % per cycle.

This performance is attributed to the large surface area of the SnO2 that is deposited

on MWCNTs that are only 3 nm-thick, the high conductivity of the MWCNTs, and

the fact that the MWCNTS avoid the agglomeration of the SnO2 particles. The

integrity of SnO2 in SnO2/carbon nanotubes is best evidenced by the good capacity

retention observed in [458] with a reversible capacity of 540 mAh g�1 almost stable

over 200 cycles at 0.5C rate. A novel ethylene glycol-mediated solvothermal-polyol

route for synthesis of highly dispersed 3–5 nm SnO2 nanocrystals on the surface of

MWCNTs showed high rate capability and superior cycling stability with specific

capacity of 500 mAh g�1 for up to 300 cycles [460]. The capacity of a Sn/SnO2/

MWCNT composite still delivers a capacity of 624 mAh g�1 after 100 cycles at C/4
rate [460].

Carbon–tin oxide (C-SnO2) nanofibers have also been synthesized aiming to

complement the long cycle life of carbon with the high lithium storage capacity of

tin oxide [461]. The composite nanofibrous anodes are binder-free and have first

discharge capacities of 788 mAh g�1 at 50 mA g�1 current density. After this

pioneering work, this technology has been improved. In particular, SnO2-

electrodeposited porous carbon nanofibers (PCNF-SnO2) composites that can main-

tain their structural stability during repeated charge–discharge cycling have been

recently obtained [462]. After coating with amorphous carbon layers by chemical

vapor deposition, this PCNF-SnO2-C composite delivered capacities of 713, 568,

463, and 398 mAh g�1, respectively, at 100, 200, 400, and 800 mA g�1 with high

capacity retention of 78 % and large coulombic efficiency of 99.8 % at the 100th

cycle. The charge capacity value returned to 600 mAh g�1 under a reduced current

density of 100 mAh g�1 after undergoing these cycles at higher current densities.

Remarkable results have been obtained owing to the fabrication of ultra-uniform

SnOx/carbon nanohybrids (denoted as U-SnOx/C) by solvent replacement and

subsequent electrospinning homogeneous dispersion of SnO2 nanoparticles in

polyacrylonitrile (PAN)/N, N dimethylformamide (DMF) solution [463]. The

resulting 1D nanostructure U-SnOx/C holds strong interaction between SnOx and

nitrogen containing carbon nanofiber matrix that effectively confine the uniformly

embedded SnOx. After 200 deep charge/discharge cycles at 0.5 A g�1 between

0.005 and 3 V vs. Li0/Li+, the U-SnOx/C electrode still exhibits a reversible

capacity of 608 mAh g�1. As the current densities increase stepwise from 0.5 to

1, 2, 5, and 10 A g�1, the electrode delivers stable capacities at each of these rates,

varying from 663 to 518, 365, 175, and 80 mAh g�1, respectively. In a different

geometry, coaxial SnO2-carbon hollow nanospheres (carbon content 32 wt%)

cycling performance was evaluated between 2 V and 5 mV at a 0.8C rate (where

C does not have the usual meaning but is defined as 625 mA g�1 in this work)

stabilizes around 460 mAh g�1 for more than 100 cycles [464]. at a high rate of

4.8C, the hollow spheres can still deliver a stable capacity of about 210 mAh g�1.

We recover here the higher performance when the carbon content is larger.

The extensive and promising study of SnO2/graphene composites started in

2010–2011 [465–473]. More recently, a composite made from graphene

nanoribbons and SnO2 nanoparticles has been synthesized [474]. This composite

368 10 Anodes for Li-Ion Batteries



exhibits reversible capacities of over 1520 and 1130 mAh g�1 for the first discharge

and charge, respectively, which is more than the theoretical capacity of SnO2. The

reversible capacity retains 825 mAh g�1 at a current density of 100 mA g�1 with a

coulombic efficiency of 98 % after 50 cycles. Further, the composite shows good

power performance with a reversible capacity of ~580 mAh g�1 at the current

density of 2 A g�1. A composite made from graphene nanoribbons (GNRs) and

SnO2 nanoparticles has also been tested as an anode [474]. The SnO2 nanoparticles

of diameter 10 nm were synthesized via a simple chemical method, and they were

uniformly distributed among the GNR structure layers. The GNRs were made by

Na/K unzipping of MWCNTs. The reversible capacity retained 825 mAh g�1 at a

current density of 100 mA g�1 with a coulombic efficiency of 98 % after 50 cycles.

Further, the composite shows good power performance with a reversible capacity of

580 mAh g�1 at the current density of 2 A g�1. The remarkable performance is due

to the fact that GNRs are known to enhance lithium storage through edge effects

[142, 474], and in addition can buffer the change of volume of the SnO2 particles.

This property of graphene that also avoids the formation of agglomerates has also

been the motivation for using situ hydrazine monohydrate vapor reduction method

for binding SnO2 nanocrystals in graphene sheets by Sn–N bonding to obtain a

SnO2 nanocrystal/nitrogen-doped reduced graphene oxide hybrid material [475,

476]. The 4–5-nm thick SnO2 particles were synthesized by hydrothermal process.

After initial conditioning cycles, the coulombic efficiency increases to more than

97 %, and a stable capacity of 1021 mAh g�1 is obtained for the hybrid under a

current density of 0.5 A g�1 in the voltage range of 0.005–3 V vs. Li0/Li+. In this

work, the specific capacity values are calculated on the basis of the total mass of the

SnO2/N-doped graphene hybrid material, so that 1021 mAh g�1 indicates that a

capacity of 1352 mAh g�1 for the SnO2 nanocrystals, which is very close to the

theoretical capacity of 1494 mAh g�1 for SnO2 according to the reaction

(Eq. 10.10). Moreover, the capacity increases upon cycling, to reach a reversible

charge capacity as high as 1346 mAh g�1 after 500 cycles. This increase is

attributed to the improvement of lithium ion accessibility in the hybrid during the

cycling process, which leads to an increased accommodation behavior for lithium

[477]. In any case, this large value of the capacity implies the additional capacity

contribution from the conversion reaction of Sn with LiO2 in Eq. (10.10). As the

current densities increase from 0.5 to 1, 2, 5, 10, and 20 A g�1, the electrode shows

good capacity retention, varying from 1074 to 994, 915, 782, 631, and 417mAh g�1,

respectively. When the current density returns to 0.5 A g�1, the charge capacity

reverts to 1034 mAh g�1. The decrease of Sn L3-edge peak intensity observed in

the hybrid compared with pure SnO2 nanocrystals, suggesting a higher electron

density at the Sn site in the hybrid, confirming the formation of Sn–N bonds in the

hybrid, which is probably indispensable for the high and stable electrochemical

performance of the hybrid. This is by far the best result obtained with SnO2 anode,

and the performance is remarkable, since the decrease of the size of the particles to

4–5 nm, plus the high flexibility of graphene, plus the fact that the Sn-N bonding

has anchored the nanoparticles on the graphen sheets, avoiding the agglomeration

of the particles all result in a hybrid that can accommodate the change of volume
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associated to the reaction in Eq. (10.10) during long-term cycling (500 cycles).

Most recently, a flexible graphene film decorated with spindle-like Fe2O3-SnO2

nanoparticles was fabricated through vacuum filtration of Fe2O3-SnO2 and GO

mixing solution, followed by thermal reduction [478]. The core–shell structured

Fe2O3-SnO2 nanoparticles were synthesized through a facile hydrothermal route

and uniformly dispersed between layered graphene nanosheets. This anode showed

an excellent cycling performance of 1015 mAh g�1 even after 200 cycles. Another

remarkable result has been obtained with SnO2 hollow spheres (HS) 140–150 nm in

dimensions embedded in graphene oxide (GO) nanosheets and enveloped by a

sheath of a conducting polymer, poly(3,4-ethylenedioxythiophene) or PEDOT

[479]. Owing to the synergy between the moderately high intrinsic electronic

conductivity of GO nanosheets and the ability of PEDOT to buffer the volume

change during repetitive Li+ charge–discharge, the SnO2 HS/GO/PEDOT hybrid

capacity of 608 mAh g�1 at a current density of 100 mA g�1 to the hybrid, retained

at the end of 150 cycles, and the latter value was 1248 mAh g�1 when the mass of

only the SnO2 HS in the hybrid was considered. The SnO2 HS/GO/PEDOT hybrid

also showed an excellent rate capability as a capacity of 381 mAh g�1 was attained

even at a high current density of 2000 mA g�1.

These results clearly upgrade SnO2 as a prospective anode. The breakthrough in

2013 has been to succeed in the possibility to synthesize diverse nanostructures

hybrids that avoid the structural degradation and thus the capacity fading associated

to the large changes of volume during the reaction (4). However, it is doubtful that

these anodes can be prepared at the industrial scale, because of the price: graphene

is expensive, so is the synthesis process. Scaling-up the preparation of such

nanostructured composites to quantities required for commercial development

also remains challenging, and the key issue to insure the future success of this

material as an anode.

10.8 Anodes Based on Conversion Reaction

The conversion or redox, reaction involves the formation and decomposition of

Li2O according to the so-called conversion-displacement reaction [480–483]:

MOþ 2Liþ ! M þ Li2O; ð10:11Þ

where M is a 3d-metal: M¼Mn, Fe, Co, Ni, Cu. Although electrochemically inert,

Li2O can participate indirectly to the anode performance by catalyzing the reaction.

The first discharge reaction with Li metal involves the amorphization of the lattice,

followed by the formation of nanoparticles of metal embedded into the Li2O matrix.

During charge, the re-formation of MO is a consequence of the decomposition of

Li2O. Therefore the voltage vs. capacity curve of the MO has the same features.

A flat voltage region below 1 V, characteristic of a two-phase reaction due to the

coexistence ofM and Li2O during the amorphization process, followed by a sloping
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region down to 0.001 V characteristic of a single phase Li insertion reaction. Except

FeO that crystallizes in a cubic defect structure, and CuO that adopts a distorted

rock salt structure due to a Jahn-Teller (JT) distortion, theMO compounds adopt the

cubic rock salt structure. The properties of these materials have been reviewed in

the past [22], and again, attention is focused here on the progress that have been

made in the recent years.

10.8.1 CoO

The theoretical capacity after Eq. (10.11) is 715 mAh g�1, large enough to make

CoO a promising anode. Indeed, an experimental capacity close to this value can be

achieved at low rate. However, cobalt oxides suffer from poor capacity retention

due to their low electrical conductivity and large volume swings during the charge–

discharge process. Many efforts have been made to resolve the aforementioned

problems by minimizing the volume change of cobalt oxide-based anodes, follow-

ing the same attempts as in the case of the other anodes we have already reviewed.

In addition to the 3–6 nm thick SEI film that is formed during the first discharge

process on the surface of CoO-based anodes, just as in the case of any other anode, a

polymeric gel-type film of thickness 50–100 nm forms on the CoO electrode in the

fully discharged state, which becomes thiner upon charging above 1.8 V, and fully

disappears upon charging to 3 V. The decomposition of this polymer-gel layer is

invoked to explain the observation of capacities much larger than the theoretical

value (consumption of more than 2.0 mol of Li per mole of CoO noticed during the

first discharge) [482]. In addition, the formation of higher oxides (Co2O3 and

Co3O4) by the decomposition of Li2O contributes to this increase of capacity

[484]. This feature has also been invoked to explain the increase of capacity upon

cycling that is commonly observed in cobalt oxide [484, 485]. However, we have

also noted that this effect is more general as it has been also observed in SnO2

anodes. In any case, the increase of capacity gives evidence of surface modification

upon cycling, also the phenomena is not fully understood.

Reddy et al. have synthesized CoO particles with a coral-like structure by

carbothermal reduction with Co3O4 as the precursor [486]. The 60th discharge

cycle capacity is 895 mAh g�1 and the charge cycle capacity is 893 mAh g�1

(cycles in the voltage range 0.005–3 V, current density 60 mA g�1). Only few

experiments used doping to improve the conductivity of CoO, and thus the rate

performance. Cu-doped h-CoO nanorods have been found to deliver a capacity of

circa 1000 mAh g�1 between 30 and 50 cycles at current density of 72 mA g�1;

unfortunately, results at a higher current density have not been reported in this case

[487]. Good results at higher C rates have been obtained by combining nanoscale

and porosity. In particular, the synthesis of CoO porous nanowire arrays with robust

mechanical adhesion to a flexible conductive Ti foil exhibit good high-rate capa-

bility at a rate of 1C (716 mA g�1), 2C (1432 mA g�1), 4C (2864 mA g�1), and 6C
(4296 mA g�1), respectively [488]. Hierarchically self-assembled mesoporous CoO
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nanodisks synthesized by the reaction of cobalt acetate tetrahydrate with hydrazine

hydrate in solution followed by heat treatment in an inert atmosphere delivered a

capacity of 1118.6 mAh g�1 after 50 discharge–charge cycles at 200 mA g�1 and

excellent cycling performance: 633.5 mAh g�1 after 400 discharge–charge cycles

at 800 mA g�1 [489]. This remarkable result has been attributed to the he unique

hierarchical nanoarchitecture with highly beneficial combination of small primary

particles with mesoporous, ultra-thin, large area 2D structure, and orderly self-

stacked 3D structure. Actually, this performance is sufficient to make this material a

promising anode for the next generation of Li-ion batteries, and this synthesis

process is reported to be a facile, cheap, and easily scaled-up strategy, which may

compensate for the fact that cobalt is expensive. Nevertheless, at higher C-rates, the
association with a conductive material under the form of a coating or a composite,

just as in the case of the other anode materials.

Among the hybrid coated CoO particles that have been studied, Co-CoO

nanoparticles consisting of an unsealed hollow porous CoO shell with a metal Co

core with a void between the core and the shell maintained a reversible capacity

over 800 mAh g�1 after 50 cycles at current density 50 mAh g�1 in the potential

window 0–3 V, with an initial coulombic efficiency of 74.2 % [490]. Almost the

same result has been obtained with a carbon-decorated CoO sample, which also

delivered 800 mAh g�1 after 70 cycles in the voltage range of 0.01–3.0 V at a

current density of 100 mA g�1 [491]. CoO/NiSix core–shell nanowire arrays

synthesized through a facile CVD and subsequent RF-sputtering approach deliv-

ered a capacity stabilized at circa 600 mAh g�1 at 1C rate, and still 400 mAh g�1 at

44C rate [492], increasing importantly the rate capability of CoO anodes. The same

group obtained a nano-architectured current collector by growing a 3D array of Cu

nanorods onto a Cu foil via electrodeposition assisted by a porous alumina mem-

brane that was subsequently dissolved. Then, the deposition of CoO onto Cu

nanorods was achieved by controllable rf-sputtering, to form nanostructured hybrid

CoO/Cu electrodes [493]. At a current density of 215 mA g�1 (0.3C), the anode

delivered the first discharge capacity of 1362 mAh g�1 and the first charge capacity

of 903 mAh g�1. It corresponds to a coulombic efficiency of 66 %, which is a good

result for a cobalt oxide where an important irreversible capacity loss is observed

during the first cycle, because of the formation of the SEI plus the amorphisation of

the particles. A stable reversible capacity of circa 900 mAh g�1 was still retained

after 200 cycles. This is a remarkable result showing that the problem of the

capacity fading arising from the aggregation of Co [441] has been overcome.

At 10C rate, the capacity was still larger than 500 mAh g�1. A self-assembled

echinus-like nanostructure consisting of mesoporous CoO nanorod-carbon nano-

tube core–shell material showed high capacities (703–746 mAh g�1 in 200 cycles)

and a long cycle life (0.029 % capacity loss per cycle) at a high current rate

(3580 mA g�1) [494].

We have already seen in the previous sections that graphene sheets have been

widely used as an ideal matrix for anchoring a number of active anode materials to

form unique nanocomposites. Such has been also the case with CoO. Until recently,

however, these cobalt oxide/graphene nanocomposites have a relatively low
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loading of cobalt oxides with an unsatisfactory dispersion on graphene nanosheets.

Highly loaded, well-dispersed cobalt oxide/graphene nanocomposites have been

synthesized only recently [495], by self-assembly in an oil-phase solution. This

synthesis involved the thermal decomposition of cobalt acetylacetonate Co(acac)3
by oleylamine in the presence of graphene (see Fig. 10.9). At a current density of

100 mA g�1, CoO/graphene nanocomposites with mass ratio of 9:1 delivered a

constant capacity 1400 mAh g�1 over 60 cycles. Even at a current density as high as

8 A g�1, the nanocomposite electrode is capable of delivering a stable capacity of

about 500 mAh g�1. Indeed, these performances are better than some prior results

on CoO-graphene nanosheets [496]. However, an even better result has been

obtained by Peng et al. [497]. These authors designed a facile one-step ultrasonic

way to synthesize CoO quantum dots (3–8 nm) (Qds) on graphene nanosheets

(GNs) by using a metal carbonyl (Co4(CO)12) cluster as the precursor at ambient

temperature. This anode delivered a reversible discharge capacity of 996 mAh g�1

at the second cycle at current rate of 50 mA g�1 (always in the voltage range 0–

3 V), increasing with the cycle number to reach 1592 mAh g�1 at the 50th cycle.

1008 mAh g�1 was still retained after the 50th cycle at 1000 mA g�1. Finally, CoO

nanoparticles with size 5 nm densely anchored on graphene nanosheets maintained

a stable capacity of 1015 mAh g�1 for 520 cycles with 100 % coulombic efficiency

[498]. Indeed, transmission electron microscopy analysis has confirmed that the

morphology of the CoO particles is preserved along these cycles. The recent

improvement of the electrochemical properties give CoO the status of an attractive

anode. Nevertheless, CoO suffers form the fact that cobalt is expensive and toxic. In

addition, this oxide is not very stable, with a tendency to transform in the more

stable spinel phase Co3O4.

10.8.2 NiO

Nickel oxide (NiO) is considered to be a promising electrode material for lithium

ion batteries and supercapacitors due to its low cost, low toxicity, and superior

safety. In addition, the density of NiO is 6.67 g cm�3, leading to high volumetric

energy density. For these reasons, considerable efforts have been made in the past

to synthesize nano-NiO and its composites (for a review, see ref. [22]). Until 2010,

however, the reversible capacities obtained on all kinds of NiO-anodes such as

Ni/NiO core shell particles [499], NiO hollow nanospheres [500], NiO micro-

spheres [501], NiO-carbon nanocomposites [502–504], NiO porous thin films

[505–507], NiO/poly(3,4-ethylenedioxythiophene) (PEDOT) composites [508]

were confined in the range 250–650 mAh g�1 after 20–50 cycles at current rate

0.1–1C in the voltage range 0.005–3 V. Similar results have been obtained in 2011

with Co-doped NiO Nanoflake arrays showing a capacity of 600 mAh g�1 after

50 discharge/charge cycles at low current density of 100 mA g�1, and it retains

471 mAh g�1 when the current density is increased to 2 A g�1 [509]. The doping is

important since the electrochemical performance is significantly improved with
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respect to undoped ingle-crystalline NiO nanoflake arrays directly on copper

substrates by a modified hydrothermal synthesis and post-annealing [510].

Another important parameter is the porosity. Mesoporous 8 nm-thick NiO

particles with an effective surface area measured by BET equal to 96 m2 g�1

could deliver a capacity of 680 mAh g�1 at 0.1C after 50 cycles [511]. Rapid

progress has been obtained more recently. The promising nanoflake geometry has

been confirmed, since NiO nanoflakes with mean size about 2 μm and mean

thickness about 20 nm showed a charge and discharge capacities of 1015 and

990 mAh g�1, respectively, after 50 cycles at a current density of 100 mA g�1.

There respective value at the 50th cycle at current rate 800 mAh g�1 are still

568 and 578 mAh g�1 [512]. Nanoporous NiO films directly grown on the foam Ni

were fabricated via a facile ammonia-induced route, delivering rate capacity of

280 mAh g�1 at 10C rate and high reversible capacity of 543 mAh g�1 after

100 cycles at C/5 rate [513].

More recently, three-dimensional “curved” hierarchical mesoporous NiO

nanomembranes made using a simple fabrication technique followed by a thermal

oxidation process delivered a high capacity of 721 mAh g�1 at 1.5C, and a long

lifetime of 1400 cycles, making them attractive for high power Li-ion batteries

[514]. NiO microspheres with hierarchically porous structures have been

synthesized via a facile thermal decomposition of Ni(CH3COO)2 ∙ 4H2O at

500 �C for 10 h [515]. This NiO anode retained a reversible capacity of 800mAh g�1

after 100 cycles at a current density of 500 mA g�1. This is the first report on the

mass production of large-surface-area hierarchical architectures for NiO

microspheres.

The ensemble of porous structures and one-dimensional shape has also proved to

be efficient for NiO-anodes, just as in the other anodes. Mesoporous NiO nanotubes

using filter paper as the template presented a reversible capacity of 600 mAh g�1

after 100 cycles at current rate 200 mA g�1 [516]. Hierarchically porous NiO

microtubes synthesized by a high temperature calcination of Ni(dmg)2
(dmg¼ dimethyl-glyoxime) microtubes obtained by a simple precipitation method

of PEG 2000 (poly(ethylene glycol)) to hollow the nanostructure delivered a

capacity ~640 mAh g�1 after 200 cycles at 1 A g�1. The investigation of the rate

capability revealed reversible capacities of 810, 780, 720, 630, and 520 mAh g�1 at

50, 200, 500, 1000, and 2000 mA g�1. More importantly, a discharge capacity of

800 mAh g�1 can be recovered, while the current density back to 50 mA g�1. It

indicates the high stability of NiO microtubes [517].

Coating NiO has not been so successful. To avoid the barrier that a uniform coat

of NiO with a metal could rise for the lithium transport, a composite NiO/Co-P has

been synthesized with NiO particles 200 nm in size, and 30 nm thick granular plating

particles of Co-P [518]. This anode delivered the discharge and charge capacities

560 and 540 mAh g�1, respectively, after 50 cycles at current density 100 mA g�1.

At the higher current densities of 200, 500, and 1000 mA g�1, the reversible

capacities were 560, 480, and 270 mAh g�1, respectively. Among NiO/Ni compos-

ites [519–521], the best results over 50 cycles have been found on self-supported

nickel-coated NiO arrays prepared by chemical bath deposition of NiO flake arrays
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followed by magnetron sputtering of nickel nanoparticles [521]. For a sputtering

time of 60 s, the capacity delivered after 50 cycles at current density 100 mA g�1

was 648 mAh g�1. The capacity delivered at current density of 2, 4, and 7.18 A g�1

was 455, 316, and 187 mAh g�1, respectively. Composites of NiO with graphene

have been synthesized to increase the conductivity, and thus the rate capability.

Some of these composites [521–525] did not achieved better rate capability than

the best results obtained for instance in [513] on nanopous films. Recent graphene/

NiO composites, however, reached the goal. NiO-graphene sheet-on-sheet pre-

pared by hydrothermal process delivered a capacity of 1030 mAh g�1 after

50 cycles at 0.1C rate, and still retained 492 mAh g�1 at 5C [526]. A better rate

capability has been obtained with a NiO/graphene nanosheet hierarchical structure

prepared by electrostatic interaction between positively charged NiO nanosheets

and negatively charged graphene oxide in aqueous solution with a pH¼ 4 and then

sintering in Ar gas atmosphere [527], still able to deliver a discharge capacity of

615 mAh g�1 at 4000 mA g�1 (5.6C rate). Reduced graphene oxide and nanosheet-

based nickel oxide microsphere composite prepared by homogeneous

coprecipitation and subsequent annealing showed a discharge capacity of

1041 mAh g�1 after 50 cycles at a current of 100 mA g�1, and a good rate capacity

with 727 mAh g�1 at a current of 1600 mA g�1, but was not tested at higher rates

[528]. Very recently, a powder consisting of core-shell-structured Ni/NiO

nanocluster-decorated graphene (Ni/NiO-graphene) was synthesized by the fol-

lowing method: first, a crumpled graphene powder consisting of uniformly dis-

tributed Ni nanoclusters was prepared by one-pot spray pyrolysis. This powder

was subsequently transformed into the Ni/NiO-graphene composite by annealing

at 300 �C in air [529]. Used as an anode, this composite delivered 863 mAh g�1

after 300 cycles at 1500 mAh g�1. Even at a high current density of 3000 mA g�1,

the discharge capacity of the Ni/NiO-graphene composite powder was as high as

700 mAh g�1 after 40 cycles. This is the best result that gives evidence of the

remarkable progress achieved on such anodes since 2011, and also that the

performance of the NiO/graphene composites depends very much on the synthesis

and the architecture of the electrode. The remarkable performance of the Ni/NiO-

graphene composite has been attributed to the role of the highly dispersed Ni

nanoclusters resulting in the more complete decomposition of the Li2O formed

during the discharging process, plus the fact that these Ni clusters acted as highly

conductive pathways for electron transfer during the conversion reaction of NiO

with Li. This explains the benefit obtained by the introduction of the Ni metalin Ni/

NiO-graphene composites. However, the results we have mentioned on

NiO/graphene composites without Ni nanoclusters were already very promising,

which means that the NiO can be anchored strongly on the graphene. This bonding

has been understood by the analysis of by X-ray photoelectron spectroscopy,

Fourier transform infrared spectroscopy, and Raman spectroscopy measurements,

which have given evidence of the formation of oxygen bridges originating from the

pinning of hydroxyl/epoxy of a Ni adatom on oxygenated graphite in experiments

performed on NiO nanosheets/graphene composites [530].
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10.8.3 CuO

CuO has also been considered as an attractive material as anode, because it is cheap

and environmentally acceptable, in addition of good safety. Its theoretical capacity

is only 375 mAh g�1, but fortunately, the intermediate phase Cu2O always formed

during charging, with a theoretical capacity of 674 mAh g�1, and it is thus this value

that must be kept as the theoretical capacity for CuO-based anodes. However CuO,

like any material for anode based on conversion reaction, suffers from a large

volume expansion and dispersion of Cu particles in the Li2O matrix during cycling,

which leads to severe mechanical strain and rapid capacity decay. In addition, CuO

has a low electronic conductivity, which is damageable to charge transfer. To

reduce these limitations, CuO must be prepared under the form of a nanomaterial.

Different forms have been investigated. Recently, the dependence of the perfor-

mance of CuO anodes on the morphology has been studied [531]. As a result, the

reversible capacity of the leaf-like CuO decreases during cycling, which confirms

prior results found by different groups on CuO particles with this morphology [532,

533], and such is also the case for oatmeal-like CuO. The same holds for hierar-

chical structures [534]. The morphologies that avoid this capacity fading are the

nanowires [535] and the nanoribbon arrays [536]. The nanowires delivered a

capacity of 650 mAh g�1 stable over 100 cycles at C/2 rate in the voltage range

0.02–3 V. The nanoribbon arrays showed an initial reversible capacity of

500 mAh g�1 increasing slowly 610 mAh g�1 upon cycling to 275 cycles at C/2
rate in the same voltage range, and the capacity still retained at current density

800 mA g�1 was 332 mAh g�1. Many other investigations have been made on

different CuO anodes, reviewed for instance in [22], but failed to give better results.

For comparison, CuO micrometer/nanoflake walls prepared using molten salt

synthesis could at best with the optimum choice of the synthesis temperature

(750 �C) deliver 620 mAh g�1 at the end of the 40th cycle [537]. To compete

with the performance we have reported, a composite with a conductive material is

needed, in particular with graphene that is the most conductive form of carbon.

Still, however, the result is not guaranteed, since some of the graphene/CuO

composites have not met this goal [538, 539], so that an optimized nanostructure

design is needed even for such composites. Such a design has been proposed by

Wang et al. [540], according to a synthesis process they have described in their

paper. These authors obtained a basic urchin-like CuO cluster with CuO nanosheet

substructure; these CuO flowers were uniformly separated by the surrounding

graphene sheets. At current density 65 mAh g�1, this CuO/graphene composite

delivered a stabilized reversible capacity of 600 mAh g�1 over the 100 cycles that

have been tested. The study of the rate capability has revealed that after ten cycles,

this capacity decreased only slowly ten cycles; and this value was slowly lowered to

480, 320, and 150 mAh g�1 at the current densities 320, 1600, and 6400 mA g�1,

respectively. At this highest current density, the capacity was then found to be

three times larger than that of graphite, while that of CuO vanishes. Another

performing structure has been found by Zhou et al. who synthesized CuO hollow
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nanoparticles/graphene-nanosheet composites using the Kirkendall-effect approach

[541]. The reversible capacity of the material attains 640 mAh g�1 at 50 mA g�1

and the capacity retention is ca. 96 % when the current density is increased ten

times. At 1 A g�1 (ca. 1.7C), the reversible capacity reaches 485 mAh g�1 and

remains at 281 mAh g�1 after 500 cycles. Even better results have been obtained

with a graphene nanosheet supported shuttle CuO nanostructure prepared by a

facile low-temperature solution route [542]. At current density of 700 mAh g�1,

this composite retained a stable capacity of 826 mAh g�1 after 100 cycles. This

capacity is even larger than the capacity of 771 mAh g�1 obtained at a lower current

density of 70 mA g�1. This higher capacity vs higher current has been also observed

in other electrodes, and attributed to the fact that slow Li-ion reactions at a smaller

current may lead to more serious electrode pulverization [543]. At least part of this

cycling performance is attributable to the fact that the CuO nanoshuttles were

distributed uniformly and wrapped well by the graphene nanosheets, another

evidence of the importance of the design of the graphene/CuO composites to obtain

a performing anode. To our knowledge, these are the best results obtained with

CuO-based anodes. Other CuO/graphene composites that have been synthesized did

not have this rate capability [525, 544].

The progress made these last 5 years on CuO-based anodes, especially when

combined with graphene have reached the cyclability and rate capability that make

this material challenging. Nevertheless, the best results are still obtained on com-

posites that need proving that they can be prepared at an industrial scale, and at a

reasonable price. Indeed, the research on such material might now focus on this

aspect. For instance the very recent synthesis of mesoporous NiO microspheres by a

simple method that is more scalable than prior synthesis of hollow structures give

electrochemical that are less performant than the best CuO-graphene composites,

but sufficient to fulfill the requirements in terms of capacity and rate capability to

make it a promising anode. This is just an illustration of the fact that further studies

on CuO-based anodes will be exciting in the near future.

10.8.4 MnO

Manganese oxides are also considered as potential anode materials with its high

theoretical capacity of 755 mAh g�1, and indeed, constant progress in the electro-

chemical properties of MnO-based anodes has been obtained in the recent years.

The first results that were encouraging date from 2009, when a mixture of MnO and

Mn3O4 confined to porous carbon nanofibers delivered an initial capacity of

785 mAh g�1, stabilized to 600 mAh g�1 between 10 and 50 cycles at current

density of 50 mA g�1 in the range 0.01–3 V [545]. MnO/C nanocomposites have

also been prepared through a simple thermal decomposition of manganese benzoate

precursor [546]. Good results have been obtained, but at the price of a large amount

of carbon (10–18 wt%), to obtain a capacity in the range 600–680 mAh g�1 at a

current rate of 100 mAh g�1. More promising, carbon-coated MnO prepared by
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ball-milling with sugar an pyrolysis at 600 �C in Ar atmosphere as found to deliver

a reversible capacity of 650 mAh g�1 at 50 mA g�1 (0.08C) almost stable up to

150 cycles in the range 0.01–3 V, and could deliver 400 mAh g�1 at 400 mA g�1

[547]. Note this synthesis process is the same as the process of fabrication of some

of the C-LiFePO4 cathodes presently commercialized. In this case, however, the

carbon coating is performed at circa 700 �C to obtain a better electronic conduc-

tivity of the carbon. This is then also the temperature that should be better used if it

is not damageable to the MnO2 powder. It is thus not clear whether or not the

temperature of 600 �C used in this paper is the best choice. This same sintering

temperature (600 �C) was used to coat MnO nanotubes with carbon, with C2H2

precursor [548], with a result that is comparable, since the capacity was nearly

500 mAh g�1 at a current density of 189 mA g�1. However the capacity fading was

not solved, since 18 % of the capacity was lost after 25 cycles. Other carbon-coated

MnO2 anodes where the coating was also obtained at 600 �C [549] gave a better

cyclability, but less than in case the coating has been made at higher temperature.

Carbon-coating of porous MnO microspheres obtained through chemical vapor

deposition at 700 �C using toluene as precursor and argon as gas carrier gave better

results, as the product delivered a capacity of ~700 mAh g�1 almost constant over

50 cycles at a rate of 50 mA g�1; the capacity retained at 1600 mA g�1 was

400 mA g�1 [550]. Another example is provided by 20 nm-thick MnO particles

coated with carbon at 700 �C, using glucose as both the source of carbon and the

reducing agent [551]. This anode made from 10.7 wt%-carbon-coated MnO/C

shows very stable cycling performance with a high reversible capacity of

939.3 mAh g�1 after 30 cycles at C/10. This electrode also shows favorable rate

performance with specific capacities of 726.7, 686.8, 633.0, and 587.9 mAh g�1 at

1, 2, 5, and 10C, respectively. On another hand, carbon-coated nanorods prepared at
a sintering temperature as small as 500 �C using block copolymer F127 as carbon

source has a capacity that decreases almost linearly from 800 to 600 mAh g�1

between the second and the 40th cycle at charge current rate of 200 mA g�1 [552].

These different results are consistent with our analysis that the conductivity of

the carbon layer increases with the sintering temperature and should be raised to

700 �C whenever it is possible. However, this is not the only pertinent parameter

since the electrochemical properties depend importantly on the porosity of the

particles. This is best evidenced by the good results obtained with porous carbon-

coated MnO nanotubes, despite the fact that the coating has been obtained at 500 �C
using glucose as the precursor [553]. This porous MnO/C nanotubes could deliver a

reversible capacity as high as 763.3 mAh g�1 after 100 cycles at a charge/discharge

current density of 100 mA g�1 (0.13C; 1C¼ 755.6 mA g�1), and 618.3 mAh g�1

after 200 cycles at a rate of 0.66C. One explanation might come from the investi-

gation of the structure of the carbon layer coating MnO2 nanoplates [554]. The ratio

of the intensities of D over G bands of the carbon in the Raman spectra was found

almost constant when the temperature is raised above 550 �C in the range 550–

650 �C so that the graphitic degree of carbon increases with temperature up to

550 �C, but does not change significantly at higher temperature. Indeed, the

capacity obtained with the nanoplates with a 8 nm-thick carbon layer, synthesized
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at 550 �C during 10 h, was 563 mAh g�1 after 30 cycles at a current density of

200 mA g�1. Unfortunately, the cycling life was limited to this small number of

cycles. Another example is given by the good results obtained without carbon

coating on interconnected porous MnO nanoflakes on nickel foam [555]. A high

reversible capacity of 568.7 mAh g�1 was obtained at a current density of

246 mA g�1 for the second discharge. It retained a capacity of 708.4 mAh g�1 at

the 200th charge–discharge cycle after cycling with various current densities up to

2460 mA g�1 and delivered a capacity of 376 mAh g�1 at a current density as high

as 2460 mA g�1. This good result is due to the combination of two features. One is

the beneficial effect of the porosity. Secondly, the architecture of active material

grown directly on metals provides an efficient electron transport channel between

the active material and the current collector of metals, which compensates for the

absence of coating by conducting carbon.

Inspired by the distinctive features of natural microalgae, a biotemplating

method has been developed to synthesize hollow microspheres of MnO/C, which

exhibited a specific capacity of 700 mAh g�1 after 50 cycles at 100 mA g�1

[556]. The high capacity was partially due to the porous carbon matrix. Very

recently, hollow nanospheres of MnO have been synthesized, using carbon

nanospheres as a template and a reagent [557]. The as-prepared MnO nanospheres

were built by aggregated nanoparticles, giving a thin and porous shell. The

corresponding anode delivered a reversible capacity of 1515 mAh g�1 after

60 cycles at 100 mA g�1. Even at 500 mA g�1, the capacity retained after 100 cycles

was still 1050 mAh g�1, illustrating the performance that can be obtained when

combining hollow structure, surface porosity, and nanoscale size. This also explains

the very good results obtained with MnO nanocrystals embedded in carbon

nanofibers (MnO/CNFs), obtained with a porous structure through an

electrospinning process [558]. The as-formed MnO/CNFs have diameters of 100–

200 nm and lengths up to several millimeters. Until 100 cycles at 100 mA g�1, the

discharge capacity of these MnO/CNFs was as high as 1082 mAh g�1 with a

coulombic efficiency of 99 %, indicating an excellent cyclic performance. Even

at a high current density of 1000 mA g�1, the specific capacity is up to 575 mAh g�1

after 200 cycles. In addition, the MnO/CNFs electrode cycled at a high current

density of 2000 mA g�1 presents similar electrochemical performances, which is

better than that of previously reported MnO2/CNTs.

As stated before, graphene uses to be the best form of carbon to associate with an

active anode element. This is confirmed also in the case of MnO. A hybrid material

consisting of MnO nanocrystals grown on conductive graphene nanosheets exhibits

a reversible capacity as high as 2014.1 mAh g�1 after 150 discharge/charge cycles

at 200 mA g�1, excellent rate capability (625.8 mAh g�1 at 3000 mA g�1), and

superior cyclability (843.3 mAh g�1 even after 400 discharge/charge cycles at

2000 mA g�1 with only 0.01 % capacity loss per cycle) [559]. This is to our

knowledge, the best performance in terms of rate capacity and cyclability obtained

with MnO, which illustrates the constant progress in the synthesis of

MnO-graphene composites since 2011 [560–564].
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10.8.5 Oxides with Spinel Structure

Many of these oxides have been studied and share common features [22] illustrated

in Fig. 10.10. The first discharge reaction may involve Li intercalation into the

lattice (single-phase reaction) (Fig. 10.10), followed by crystal structure destruction

(amorphization), and finally formation of the respective nanosized metal particles

via a two-phase reaction. These three steps correspond to the regions labeled a, b, c,

respectively in Fig. 10.10a.

10.8.5.1 Co3O4

The theoretical capacity of Co3O4 according to the conversion reaction is

890 mAh g�1, and has thus attracted attention. In addition, this is the most stable

Fig. 10.10 Galvanostatic

discharge–charge cycling

curves of AB2O4 (MM0
2O4)

(A¼Co, Fe, Cu, Ni, or Mn,

B¼Co or Fe). (a) First
cycle and (b) second cycle

cycled in the voltage range

0.005–3.0 V at current

60 mA g�1. ACo2O4 with

A¼Co, Cu, Mn prepared by

molten salt method at

280 �C; particle size is on
the order of submicrometer;

A¼Ni or Fe (urea

combustion method) and

Fe3O4 carbothermal

reduction method. For

comparison, binary spinel

(Co3O4 and Fe3O4)

discharge–charge cycling

curves are also shown
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cobalt oxide, so that it is much easier to prepare it than CoO or Co2O3, and we can

thus expect a stronger structural stability favoring the cycling life. Nevertheless, the

large change of volume during the redox reaction implies the necessity of using

nano-sized particles like in the case of CoO, so that many efforts have been made to

prepare Co3O4 under different nano-morphologies: nanowires [565, 566],

nanotubes [567, 568], nanobelts [569], nanocapsules [570], nanosheets [571].

A comparison of the first charge and discharge capacities between different mor-

phologies [572–575] has been discussed in ref. [575] and are summarized in

Table 10.1. Among the simplest nanostructures, Co3O4 nanoparticles synthesized

by the thermal decomposition of nanoparticles of cobalt-based Prussian blue

analogues at 550 �C could deliver a capacity of 970 mAh g�1 after 30 cycles at a

current density of 50 mA g�1 [574]. This capacity is larger than theoretical, a

phenomenon often observed in nano-sized anode materials, owing to the additional

contribution of lithium available on the surface sites, a general feature that applies

to any anode material, or also the contribution of the polymeric layer that is more

specific to Co-based anodes, already discussed for CoO-anodes.

The Co3O4-graphene nanosheets have not reached the best electrochemical

activities we have reviewed for CoO-graphene. The results include a capacity

sweeping from 800 mAh g�1 (second cycle) to 1000 mAh g�1 after 70 cycles at

current rate 74 mAh g�1 [576], a capacity of 935 mAh g�1 after 30 cycles at current

density 50 mA g�1 [143], a capacity of 740 mAh g�1 after 60 cycles [577],

640 mAh g�1 after 50 cycles [578], or ca. 1000 mAh g�1 after 50 cycles at current

density 50 mA g�1 [579]. The synthesis of free-standing one-dimensional anode

elements grown directly on conducting substrates in a controlled manner is an

important issue to support the large changes of volume without affecting the

integrity of the anode. In the particular case of Co3O4 the efforts include the

synthesis of well-aligned rhombus-shaped Co3O4 nanorod arrays grown directly

on nickel foil via fluorine-mediated synthesis though a hydrothermal method

[580]. These nanorods exhibit the combined properties of meso-porosity and

quasi-single-crystalline structure, and meanwhile, exhibit robust mechanical

Table 10.1 Comparison of electrochemical performance of Co3O4 as anode material for LiB

(from ref. [5])

Materials

Current density

(mA g�1)

Initial charge capacity

(mAh g�1)

Initial coulombic

efficiency (%) References

Co3O4

nanowires

100 892 80 [572]

Needle-like

Co3O4

50 950 58.7 [573]

Co3O4

nanocages

50 741 73.5 [574]

Co3O4

nanosheets

150 1031 61 [571]

Network-like

Co3O4

100 1214 60 [575]
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adhesion to the nickel foil. This anode delivered a reversible capacity of circa

1000 mAh g�1 between the second and the 20th cycle at 1C rate in the voltage range

0.005–3 V. The combined effects of porosity and crystalline structure are also

evidenced by mesoporous and single-crystal Co3O4 nanoplates (30 nm in thickness,

1 μm in width) with large surface area (118.6 m2 g�1) and small average pore size

(4.7 nm) [581]. This anode delivered 1000 mAh g�1 after 30 cycles at 0.2C,
corresponding to a current density of 178 mAh g�1. The rate capability however

is limited, as this anode delivered only 750 mAh g�1 at 1C rate instead of

1000 mAh g�1 in ref. [580]. The higher rate capability obtained in ref. [580] may

be attributable to the fact that one-dimensional structure (nanorods) can better

accommodate the volume change upon cycling than the geometry used in ref.

[580] (plate-like particles). Coating nano-Co3O4 has also been tried to improve

the electrochemical properties. Network-like Ppy-coated Co3O4 particles delivered

a reversible capacity of circa 1000 mAh g�1 almost constant between the second

and the 50th cycle at current density 100 mA g�1 [575].

Porous hollow architectures are well performing to accommodate the large

change of volume upon cycling. The most popular method used for Co3O4 has

been the templating approach [582, 583]. However, these methods usually need

strict experimental conditions or sophisticated post-treatment (such as removal of

the template, selective etching in an appropriate solvent and cumbersome

retreatment process), which not only introduce impurities but also increase the

cost. More importantly, those methods are not suitable for large-scale production.

Recently, however, a simple and scalable coordination-derived method for the

synthesis of porous Co3O4 hollow nanospheres has been found [584]. At a current

density of 100 mA g�1, the capacity of the anode prepared with these porous hollow

nanospheres was maintained almost constant at circa 1100 mAh g�1 between the

10th and the 60th cycles. Unfortunately, the capacity decreases at larger cycles:

nearly 1000 mAh g�1 at the 80th cycle, 820 mAh g�1 at the 100th cycle, which is

still a good results, but shows the difficulty to overcome the aging of the anode. The

rate performance has been investigated by measuring the capacity over ten cycles at

successive current densities 100, 200, 400, 600, and 1000 mA g�1. At this highest

current density, the capacity was 543 mAh g�1. When returning to a current density

of 100 mAh g�1, however, the capacity recovered was 802 mAh g�1, smaller than

the 1100 mA h recorded before, so that the anode has aged significantly along the

process. This fading of the capacity has been solved recently with anode built with

porous Co3O4 hexagonal nanodisks (20 nm in thickness, surface area 60 m2 g�1)

prepared with a template-free hydrothermal method [585]. After 100 cycles at

current density 100 mA g�1 in the usual voltage range 0.01–3 V, the capacity

reached 1180 mAh g�1, while the initial capacity was 1417 mAh g�1. The rate

capability was investigated by measuring the capacity over 50 cycles at successive

current densities 500, 1000, 2000, 4000, and 8000 mA g�1, followed by a final

return to 500 mA g�1. At this highest current density 8000 mA g�1, the capacity

was still close to 300 mA g�1. Most of all, after returning to the current

to 500 mA g�1, i.e. after a total of 250 cycles at these different rates, a capacity

of 1086 mAh g�1 was restored with almost 100 % coulombic efficiency.
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Hierarchical urchin-like Co3O4 spheres (5–8 μm in diameter) consisting of many

nanowires and nanoparticles (10–50 nm) also possess very good cycling stability

(1190 mAh g�1 after 100 cycles atC/10) and excellent rate capability (796 mAh g�1

at 5C and 433 mAh g�1 at 10C, i.e. at current density 8900 mA g�1) [586]. More-

over, the preparation is also template-free, which makes the synthesis process more

scalable. Some other shapes are also promising, such as porous hollow multishelled

Co3O4 microspheres, which delivered 1616 mAh g�1 in the 30th cycle [587], but

unfortunately, the cyclability has not been explored at more cycles. We also regret

that a Co3O4 nanobelt array (20–50 nm in width with needle-like tips) prepared with

excellent rate capability (530 and 320 mAh g�1 after 30 cycles at 15 and 30C,
respectively) has not been tested beyond 30 cycles [588].

These outstanding recent results, however, should not mask show how difficult it

is to improve the cyclability of Co3O4. Capacity retention larger than 90 % between

the second and the 100th cycle usually does not reach 90 %. Apart the results we

have reported above, this goal has been achieved with a graphene-encapsuled

Co3O4 (amount of Co3O4: 91.5 wt%) composite obtained by co-assembly between

negatively charged graphene oxide and positively charged oxide nanoparticles. The

process is driven by the mutual electrostatic interactions of the two species, and is

followed by chemical reduction. The resulting GE–MO possesses flexible and

ultrathin graphene shells that effectively enwrap the oxide nanoparticles. This

GE-MO delivered a reversible capacity of 1100 mAh g�1 with a capacity retention

of 91 % between the 2nd and the 130th cycles at current density of 74 mAh g�1, a

result that turns out to be significantly better than the results obtained with the

standard Co3O4/graphene composites where metal oxides are distributed onto the

surface of graphene or between the graphene layers. We can also note that porous

polyhedral and fusiform Co3O4 powders synthesized through the hydrothermal

method have shown good capacity rate and good capacity retention at the scale of

70 cycles [589]. They delivered circa 1350 mAh g�1 initial discharge capacity, with

capacity retention 92 % at 0.1C after 70 cycles. The rate capability was better with

fusiform particles, in which case the spindles (2.0–5.0 μm in length, 0.5–2.0 μm in

width) are composed of irregular nanoparticles (20–200 nm in diameter, 20–40 nm

in thickness), which delivered 93.8, 90.1, and 98.9 % of the second discharge

capacities after 70 cycles at 0.5, 1, and 2C, respectively. Hierarchical

heterostructures composed of anatase TiO2 nanofibers and secondary Co3O4

nanosheets with porous surface have been synthesized [590]. As an anode, this

composite delivered a high reversible capacity of 632.5 mAh g�1 and 95.3 %

capacity retention over 480 cycles. In addition, a good rate capability has been

observed owing to the TiO2 component, with capacities of 475.8 and 449.5 mAh g�1

at current densities of 400 and 1000 mA g�1, respectively.

To conclude, the difficulty to build a Co3O4 with a good cycling life and good

rate capability explains that this problem has been solved only recently. The major

improvements the last 2 or 3 years now makes possible the fabrication of Co3O4-

based anodes that deliver capacities the order of 1000 mAh g�1 at 100–200 cycles

even at high rates, and most of all, some of the synthesis processes are scalable.

Therefore, Co3O4 remains a promising material as a future anode for Li-ion
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batteries, while most of the reviews published on the subject few years ago were not

optimistic on its future. Nevertheless, the fact that cobalt is expensive and not

environmentally friendly remains a limitation.

10.8.5.2 Fe3O4

Fe3O4 has some advantages that make it a promising anode. The theoretical

reversible capacity is high (928 mAh g�1), it is abundant as it occurs in nature as

the mineral magnetite, it is nontoxic; its low cost and high corrosion resistance are

other characteristics. The limits come, as usual with all the anode elements based on

conversion reactions, the degradation of the battery coming from the large change

of volume (200 %) upon cycling. In addition, it is not so simple to prepare the

material free from impurity, due to the presence of Fe2+ (in addition to Fe3+), while

iron likes to be in the III valence state, so that there is a tendency with Fe3O4 to

contain Fe2O3 impurity. This is the same problem we met in the preparation of the

LiFePO4 cathode element (see Chap. 8). In the present case, however, the presence

of Fe2O3 is not dramatic, since Fe2O3 is itself a high capacity electro-active

materials and undergoes a similar kind of metallic reduction i.e. conversion reac-

tion, as we shall see in a subsequent section.

A lot of efforts have been made on the synthesis of Fe3O4 and C-Fe3O4

composites under different forms (see ref. [591] for a review), in parallel with the

same efforts made on the synthesis of C-LiFePO4. Without carbon coating,

nanoparticles usually show important capacity fading [592] and carbon coating,

or formation of Fe3O4/carbon composites has been considered as necessary to

facilitate the charge transfer. Without carbon coat, particles 200 nm in size could

still deliver 1000 mAh g�1, but the test has been carried out on 40 cycles only

[593]. An intermediate situation is provided by recent experiments on clusters of

mesoporous 11–12 nm sized nanoparticles, with carbon-coating through bottom-up

self assembly approach [594]. The anode could deliver a capacity of 800 mAh g�1

over 100 cycles, but still an important decrease of capacity is observed when

increasing the rate. In addition, the carbon must be conducting, so that the carbon

must be coated at a high temperature (larger than 600 �C, as already discussed in the
case of the chromium spinel in the previous section, or in the case of LiFePO4, as

discussed in Chap. 8). For instance, carbon deposited at 400 �C non intentionally

owing to the presence of carbon in the precursors during the synthesis of monodis-

perse mesoporous particles was of little help [595]. Due to their high specific

surface area (122.3 m2 g�1) the initial discharge capacity is vey large

(1307 mAh g�1), but the capacity fading remained important (capacity reduced to

450 mAh g�1 after 110 cycles at 0.2C rate).

The combination of hollow structures that accommodate more easily the

changes of volume upon cycling, porosity that increases the surface contact with

the electrolyte, and graphene that facilitates the electron conduction and thus the

charge transfer has also been experimented on Fe3O4. Flexible free-standing

(binder-less) hollow Fe3O4/graphene (39.6 wt% graphene) hybrid films, fabricated
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through vacuum filtration and thermal reduction processes, in which graphene

formed a three-dimensional conductive network, with hollow and porous Fe3O4

spindles being captured and distributed homogeneously has been fabricated. The

anode exhibited a high specific capacity of 1400, 940, and 660 mAh g�1 after

50 cycles in the voltage range 0.01–3 V, at current densities 100, 200, and

500 mA g�1, respectively [596]. Yet, no capacity loss was observed at the 50th

cycle where the experiments have been stopped, which suggests excellent capacity

retention over a larger number of cycles. The synthesis of Fe3O4 nanoparticles

grafted on graphene usually requires the use of surfactants and solvents to avoid the

aggregation of the particles. Their introduction inevitably makes the solid–liquid

separation more complex. A new method to synthesize a Fe3O4-graphene has been

proposed recently [597]. First, the precursor was synthesized through the decom-

position of ferric nitrate in the presence of graphene oxide in the mixed solvent of

CO2-expanded ethanol. Then, the precursor was converted to the Fe3O4-graphene

composite via thermal treatment in N2 atmosphere. With the help of the CO2–

expanded ethanol, Fe3O4 nanoparticles were coated on the surface of GN

completely and uniformly with high loading. The resulting Fe3O4-graphene com-

posite with 25 wt% graphene delivered a capacity of 826 mAh g�1 after 100 cycles

at current density of 1 A g�1, almost constant after the two first cycles. At a high

current density of 5 A g�1, the composite was still able to deliver a capacity of

460 mAh g�1. This rate capability is better than another composite graphene

nanoscroll (GNS)-Fe3O4 nanoparticles, where GNS is a spirally wrapped

two-dimensional (2D) graphene sheet (GS) with a 1D tubular structure wrapping

Fe3O4 nanoparticle [598]. Although this composite showed a very large capacity at

0.1 rate (ca. 1100 mA h after 50 cycles), it only retained 300 mA g�1 at 5 A g�1. A

peculiar nanoarchitecture obtained by coating copper nanoribbons with Fe3O4 has

given very good anode properties [599]. Here, a CuO nanoribbons array (NRA) was

prepared by using a one-step oxidation of Cu sheet in alkaline solution, and a Cu

NRA on copper substrate was fabricated by electrochemical reduction of CuO

NRA. Then, 3D nanostructured Fe3O4 was fabricated by electrodeposition of

Fe3O4 nanoparticles on the Cu NRA. Used as an anode, this 3D-architecture

delivered a reversible capacity of 870 mAh g�1 after 280 cycles at a current density

of 385 mA g�1 (0.42C). The capacity retained at high rate of 9C (8000 mAh g�1)

was still 231 mAh g�1.

10.8.5.3 Mn3O4

The energy density of Mn3O4 is expected to be larger than those of Co3O4 and the

Fe3O4 spinels because of the lower operational voltage of Mn (1.2 V), and the high

theoretical capacity of 936 mAh g�1. Until recently, however, the results obtained

with Mn3O4 were not competitive with the performance of the other spinel com-

pounds, unless it entered the formation of a composite. Among the best results,

spongelike nanosized Mn3O4 exhibited a stabilized reversible capacity of about

800 mAh g�1 after 40 charge–discharge cycles at a current rate of C/4 [600].
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Recently, however, the interest in Mn3O4 has been renewed, following the

fabrication of porous nanorods fabricated through the decomposition of MnOOH

nanorods with a high BET surface area of 27.6 m2 g�1 and a narrow pore size

distribution of 3.9 nm [601]. A specific capacity of 901.5 mAh g�1 at a current

density of 500 mA g�1 was retained with long cycling stability (coulombic effi-

ciency of 99.3 % after 150 cycles) and high rate capability (387.5 mAh g�1 at

2000 mA g�1). This performance is better than the Mn3O4-carbon composites, such

as Mn3O4 nanocrystals anchored on multiwalled carbon nanotubes (592 mAh g�1

after 50 cycles at a current density of 100 mAh g�1) [602] and Mn3O4-ordered

mesoporous carbon (802 mAh g�1 after 50 cycles at a current density of

100 mAh g�1) [603], or Mn3O4/reduced graphene oxide composite and Mn3O4/

graphene-platelets composite (675 and 725mAh g�1 after 100 cycles at 75mAh g�1,

respectively) [604]. The improved performance of the porous nanorods in ref. [601]

illustrates the fact that the composite architecture either with graphene or with

carbon nanotubes or with any other material is not the only parameter that needs

to be taken into consideration, and the porosity of the active Mn3O4 nanoparticles is

a key parameter.

10.8.6 Oxides with the Corundum Structure:
M2O3 (M¼Fe, Cr, Mn)

10.8.6.1 γ-Fe2O3

This compound is cheap material, since it naturally occurs as the mineral hematite.

In addition, it is stable, since iron is trivalent, and its theoretical capacity is large as

1005 mAh g�1. These features explain that a huge amount of works has been done to

optimize the preparation of γ-Fe2O3 as a potential anode for LiBs, which have been

reviewed for instance in ref. [22].We just recall here that the conversion reaction has

been demonstrated by the first charge–discharge profile in the range 0–3 V (see for

instance [605]), which indicates Li intercalation to give first Li2(Fe2O3) at 1.2 V

vs. Li0/Li+, followed by amorphisation at 0.75 V by an additional consumption 4mol

of Li to yield Fe0 and Li2O via the two-phase reaction. Therefore, the safety of Fe2O3

is much better than carbon materials due to the higher voltage plateau for Li ion

lithiation, avoiding appearing of lithium dendrite. The first Li extraction profile up to

3 V indicates the conversion reaction to give FeO or Fe2O3, as shown by the voltage

plateau at 2.1 V. The best results have been obtained with mesoporous particles, a

general trend with materials for anodes based on conversion reactions as already

shown in previous sections. As soon as in 2007, porous nanoparticles 25 nm in size

were found to deliver a reversible capacity of 1000 mAh g�1 over 100 cycles at

100 mA g�1 with 99 % capacity retention [606]. Then, the efforts have been focused

on the improvement of the rate capacity. Again focusing on the progress that has

been achieved in the recent years we find that many γ-Fe2O3 materials can now

accommodate the large variation of volume upon cycling.
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An effective, inexpensive, and large-scale production approach to the synthesis

of Fe2O3 nanoparticles with a favorable configuration that 5 nm iron oxide domains

in diameter assembled into a mesoporous network delivered a reversible capacity of

up to 1009 mAh g�1 at a current density of 100 mA g�1 up to 230 cycles [607]. A

porous γ-Fe2O3 xerogel assembled from nanocrystalline particles (�5 nm) with

abundant mesopores (3 nm) via a simple hydrothermal method delivered capacities

1000, 600, and 200 μAh g�1 after 1000 cycles at 0.1, 5, and 10C rates, respectively

[608]. The capacity retained after 230 cycles at 1000 mA g�1 was still 400 mAh g�1,

showing that mesoporous Fe2O3 nanoparticles without a carbon matrix as a buffer

still have an excellent structural stability. Electrospun γ-Fe2O3 nanorods (surface

area and average pore radius are 27.6 m2 g�1 and 15 nm, respectively) delivered a

high reversible capacity of 1095 mAh g�1, with 100 % capacity retention after

50 cycles when cycled in the range of 0.005–3.0 V at a current rate of 0.05C, and a
capacity of 765 mAh g�1 is still obtainable at 2.5C (1C¼ 1007 mAh g�1) [609]. It

confirms that electrospinning has emerged as a versatile and low cost method for

producing long continuous porous fibers with diameters ranging from several

micrometers down to a few nanometers by applying a high voltage on a polymer

solution or melt. Remarkable results have also been obtained with γ-Fe2O3

nanotubes showing a 102.1 m2 g�1 surface area and 0.46 cm3 g�1 total pore volume,

although the electrochemical tests have been performed only over 30 cycles

[610]. A simple synthesis method for hierarchical spheres with hollow interiors

composed of ultrathin nanosheets of has also been reported [611]. These ultrathin

nanosheet subunits possess a thickness of around 3.5 nm and the specific surface

area of the porous hierarchical γ-Fe2O3 spheres was 139.5 m2 g�1. As a result, a

reversible discharge capacity of 815 mAh g�1 during the 200th cycle has been

delivered at current density of 500 mAh g�1. The best results have been obtained

very recently with Fe2O3 triple-shelled porous hollow microspheres synthesized

using carbonaceous microsphere sacrificial templates [612]. The hollow micro-

spheres had uniform diameters of about 1.2 μm. Control over the shell thickness,

porosity, and number of internal multi-shells was achieved by tuning the Fe3+

concentration in the carbonaceous microsphere templates. The best results were

obtained with average shell thickness of 35 nm containing irregularly shaped 40 nm

pores. The hollow shells had a hierarchical structure and are composed of inter-

connected γ-Fe2O3 grains approximately 25–30 nm in diameter. Under such con-

ditions a capacity of 102 mAh g�1 has been obtained, constant over the 50 cycles at

current density 50 mA g�1 that have been tested. The rate capability was also very

good, as the anode achieved a stable capacity of 1100 mAh g�1 ar current density of

1000 mA g�1. For comparison, let us report the best results obtained with γ-Fe2O3-

carbon composites. Hierarchical nanostructures composed of carbon-coated

γ-Fe2O3 hollow nanohorns on carbon nanotube (CNT) backbones delivered a

capacity that increases gradually from 660 to 820 mAh g�1 within 100 cycles at

current density of 500 mAh g�1 with a high Coulombic efficiency of around 97–

98 %, and the reversible capacity retained at 3000 mA g�1 was still 400 mAh g�1

[613]. These results are better than the results obtained with γ-Fe2O3 nanoparticle-

loaded carbon nanofiber composites [614] and other γ-Fe2O3-carbon composites
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cited therein. It is obvious from the results obtained these recent years that porous

α-Fe2O3 nanoparticles, coupled with carbon or not, with a capacity in the range

400–1000 mAh g�1 over hundreds of cycles and excellent rate capability up to 5C
rate are very promising anode materials, especially as the material is low-cost en

environmentally friendly.

10.8.6.2 Cr2O3

Although Cr2O3 is the most stable oxide of chromium and adopts the corundum

structure, the capacity fading could never be solved entirely. Even mesoporous

Cr2O3 sheet consisting of 20 nm-sized particles could only deliver a capacity that

decreases to ca. 400 mAh g�1 after 50 cycles at current density of 100 mAh g�1,

despite its high surface area of 162 m2 g�1 [615]. Things have improved with the

help of graphene. Graphene-Cr2O3 nanosheets have recently been synthesized

without foreign templates. Na2CrO4 and graphene oxide were chosen as the oxidant

and reductant templates, respectively, in a hydrothermal reaction in order to

synthesize porous Cr(OH)3 nanosheet precursors. The best results were obtained

for the initial mass ratios of graphene oxide and Na2CrO4 equal to 1:3. Subse-

quently, graphene-Cr2O3 composites with the mass ratio of graphene to Cr2O3 of

0.135 could be obtained by calcinating this precursor [616]. These graphene–Cr2O3

nanosheets exhibited a reversible capacity of 850 mAh g�1 after 50 cycles at a

current density of 200 mA g�1. At higher current densities of 800 mA g�1 and

1.6 A g�1, the reversible capacities still remain at 630 and 500 mAh g�1, respec-

tively. Cr2O3 nanoparticles, ranging from 10 to 20 nm, well dispersed in the matrix

of mesoporous carbon composite delivered a capacity that remained at circa

600 mAh g�1 over 80 cycles at current density of 50 mAh g�1 [617]. However,

this result was obtained owing to a large concentration of porous carbon since the

material contained 42 % carbon and 58 % Cr2O3.

10.8.6.3 Mn2O3

Its theoretical capacity (1018 mAh g�1) is associated to the following reactions:

2Liþ þ 3Mn2O3 þ 2e� ! 2Mn3O4 þ Li2O; ð10:12Þ
2Liþ þMn3O4 þ 2e� ! 3MnOþ Li2O; ð10:13Þ

2Liþ þMnOþ 2e� ! Mnþ Li2O; ð10:14Þ
Mnþ xLi2O $ 2xLiþ þMnOx þ 2xe� 1:0 < x < 1:5ð Þ: ð10:15Þ

The successful synthesis of porous Mn2O3 is recent. In 2011, two kinds of precursor

morphologies, oval-shaped and straw-sheaf-shaped, have been selectively prepared

by hydrothermal treatment of different functional polyol molecules (oval-shape
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with fructose and straw-sheaf-shape with α-cyclodextrin) and potassium

permanganate; the morphologies were conserved after decomposition of the pre-

cursors [618]. Among them, straw-sheaf-shaped Mn2O3 gave the best results,

delivering a specific capacity of 550 mAh g�1 at a current density of

100 mA g�1, 180 mAh g�1 at a current density of 1600 mA g�1. After 36 cycles,

however, the capacity recovered at 100 mA g�1 had decreased to 430 mAh g�1. The

next year, porous microspheres obtained by decomposition of MnCO3 precursor

delivered 796 mAh g�1 after 50 cycles [619]. An improved control of the porosity

of the microsphere by adjusting the temperature at which the MnCO3 precursor has

been sintered led to much better results. The best result was obtained at 500 �C, in
which case the BET surface area was 28.3 m2 g�1, with the pore diameter 23.6 nm

[620]. At the fourth cycle at current density at 200 mAh g�1 the discharge capacity

was 529 mAh g�1, remaining at 524 mAh g�1 after 200 cycles. At high current

density of 1000 mAh g�1, the capacity was still 125 mAh g�1, stable over 1000

cycles. Porous Mn2O3 microspheres were also mixed with carbon in wt% ratios

Mn2O3/carbon/VDF of 60:20:20 to improve the rate capability [621]. This anode

delivered 470 mAh g�1 after 70 cycles at current density 200 mA g�1. Very

recently, porous Mn2O3 nanoplates with a surface area of 21.6 m2 g�1 have been

prepared by a polyol solution method and post-annealing treatment [622]. As an

anode, this material retained a capacity of 814 mAh g�1 at current density of

100 mAh g�1. At a current density of 2000 mAh g�1, the retained capacity was

38 % of the theoretical value, i.e. 387 mAh g�1. Despite some progress since

2 years, the Mn2O3 is not competitive with the other Mn oxides as a cathode

element. Another obstacle experienced with Mn-based anodes (including MnO2

we did not consider here) is some lack of reproducibility in the results that have

been obtained even when the same synthetic methods were used to prepare the

Pn-based anode materials, pointed out recently in a review devoted to them [623].

10.8.7 Dioxides

Many other oxides have been explored, will less success so far. This is the case with

dioxides MO2(M¼Mn, Mo, Ru), reviewed in ref. [22]. Among them, the best

results have been obtained with MoO2. Indeed, this compound crystallizes in a

distorted rutile structure, with a resulting ban structure that makes it a good

electrical conductor (the resistivity is 8.8� 10�5 Ω cm for bulk MoO2 at room

temperature), at contrast will all the other anode materials (except carbon) that we

have envisioned so far. We can also mention its good chemical stability, its

theoretical capacity (838 mAh g�1), and its affordable cost. However, the problem

of low rate capability and rather poor capacity retention has never been solved,

unless the MnO2 particles are nano-sized, and are mixed with carbon. For instance,

MnO2/carbon nanowires delivered an almost constant capacity of 350 mAh g�1 up

to 20 cycles at a current density of 1000 mAh g�1 [624]. Carbon-coated MoO2

nanospheres (60–80 nm) delivered an initial capacity of 670 mAh g�1 at 1C rate in
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the voltage range 0.1–3 V, but most of all retained 90 % of it after 30 cycles

[625]. In these hybrids, and more complex ones like carbon decorated WOx-MoO2

nanorods [626], the good capacity retention and rate capability is attributable to the

carbon providing an elastic matrix for absorbing the change of volume during

cycling, and preventing the agglomeration of the particles. MoO2/graphene showed

a capacity of 550 mAh g�1 after 1000 cycles at current density of 540 mA g�1 in the

voltage range 0.01–3 V [627]. More recently, MoO2-ordered mesoporous carbon

(MoO2-OMC) has been prepared through a two-step low-temperature solvothermal

chemical reaction route, using SBA-15 as a hard template and sucrose as the carbon

source [628]. For a content of 45 wt% MoO, which is the optimized case, a

reversible capacity as high as 1049 mAh g�1 even after 50 cycles at a current

density of 100 mA g�1 has been reached, much larger than the theoretical capacity

of MnO2 (838 mAh g�1). At a high current density of 1600 mA g�1, MoO2-OMC

still retains an excellent cyclic performance of 600 mAh g�1 after 50 cycles. This is

one order of magnitude larger than that of OMC (54 mAh g�1). The outstanding

performance of the MoO2-OMC composite has been attributed to the OMC that acts

as branches to connect the MoO2 nanoparticules and build up a network to ensure

the good electrical contact. Meanwhile, the open channels of the ordered

mesoporous OMC with MoO2 nanoparticles modified on the surface allow suffi-

cient infiltration of electrolyte and provide fast diffusion channels of Li+ the MoO2

nanoparticles. These results are comparable with other conversion reaction-based

anodes.

10.9 Ternary Metal Oxides with Spinel Structure

Since Co3O4 and Fe3O4 adopt the inverse spinel structure, the substitution of Co or

Fe has also been explored. Among them, NiFe2O4 nano fibers synthesized by an

electrospinning approach exhibit a higher charge-storage capacity of 1000 mAh g�1

even after 100 cycles with high Coulombic efficiency of 100 % between 10 and

100 cycles at the current density of 100 mA g�1 in the voltage range 0.005–3 V

[629]. This is by far the best result obtained with this compound. Unfortunately, the

electrochemical properties of this anode have not been explored at higher current

densities. For comparison, NiFe2O4/single-wall carbon nanotube (SWNT) compos-

ites with 70 wt% loading ratio exhibited a reversible capacity of 776 mAh g�1 over

55 cycles under the same conditions [630]. Porous CoFe2O4 + 20 % reduced

graphene oxide, synthesized by a solvothermal process, exhibited a capacity of

1040 mAh g�1 at C/10 (91 mA g�1), very stable along the 30 cycles that have been

tested [631]. Even at the very high rate of 20C, the discharge capacity was still

380 mAh g�1. Even without graphene support, very good results have been

obtained with porous CoFe2O4 nanosheets, having the thickness of 30–60 nm and

lateral size of several microns with numerous penetrating pores, synthesized via

thermal decomposition of (CoFe2)1/3C2O4 ∙ 2H2O nanosheets [632]. At current

densities 1000 and 2000 mA g�1, the anode delivered capacities of 806 and
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648 mAh g�1, respectively, each for 200 cycles. These results show the superior

behavior of CoFe2O4 with respect to NiFe2O4, and renew the interest in this spinel

compound as a promising anode material. In addition, these nanosheets have been

synthesized at a sintering temperature that does not exceed 600 �C, while the

obtention of a good capacity retention for CoFe2O4 (740 mAh g�1 after 75 cycles

at 1C rate) required a sintering temperature as high as 1000 �C in prior works

[633]. This gain in the sintering temperature makes the synthesis more scalable for

industrial processes.

10.9.1 Molybdenum Compounds

Among molybdenum-containing mixed oxides that adopt the Scheelite structure,

the best results have been obtained with CoMoO4. Interconnected networks of

CoMoO4 submicrometer particles prepared by thermolysis of polymer matrix

based metal precursor solution exhibited a high reversible capacity of

990� 10 mAh g�1 at a current density of 100 mA g�1, with 100 % capacity

retention between 5 and 50 cycles [634]. Hierarchically porous 3D electrode of

CoMoO4 prepared by the hydrothermal method resulted in the formation of a

CoMoO4 network composed of interconnected porous nanosheets with a lateral

length of 1 μm and a thickness of 8–10 nm, each nanosheet consisting of many

interconnected nanocrystallites with grain size around 5 nm and voids around 2–

4 nm [635]. This structure achieved a discharge capacity of 1063 mAh g�1 and a

coulombic efficiency of 100 % at the second and second cycles at a current density

of 0.1 A g�1 (C/10; where 1C¼ 980 mA g�1) between 0.005 and 3.0 V, and

remained steady over 100 cycles. Even at high rates of 2 and 3C, the CoMoO4

electrode can still achieve high capacities of 460 and 327 mAh g�1, respectively.

After 100 cycles at 0.3C, the reversible discharge capacity was 894 mAh g�1, which

corresponds to a capacity retention of 87.6 % of the initial capacity. When the

current density was increased to 0.5 A g�1, the CoMoO4 electrode delivered a

capacity of 758 mAh g�1 at the end of 100 cycles, corresponding to 75.7 %

retention. These results show that CoMoO4 submicrometer particles with

interconnected network like morphology makes it promising as a high capacity

anode material for LiBs, as Co and Mo are mutually beneficial elements to buffer

the volume change upon Li cycling.

10.9.2 Oxide Bronzes

Molybdenum trioxide α-MoO3 is also considered as a promising anode material,

due to its layer structure and its high theoretical capacity of 1117 mAh g�1 by the

conversion reaction, assuming 6Li can participate. The interest in this material has

been raised by the good performance of nanospheroids of MoO3 (5–20 nm in size),
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prepared by the hotwire chemical vapor deposition [636]. The electrodes were

prepared by electrophoretic deposition of these nanospheres onto stainless steel

substrates to give 2-μm thick films followed by annealing at 450 �C in air to obtain

porous crystalline α-MoO3. The electrode was then coated with a solid polymer

electrolyte PEO-LiClO4. The investigation of the electrochemical properties upon

cycling at C/10 in the range 0.005–3 V revealed that the capacity was stabilized to

630 mAh g�1 between the 30th and the 150th cycles. Since this compound has a

poor electronic conductivity, many efforts have been made to fabricate

nanoparticles under different forms: wire arrays [637], hollow nanospheres [638],

nanobelts [639], and/or by coating the nanoparticles with a conductive layer.

Coating the MoO3 electrode with four monolayers of Al2O3 raises the capacity to

900 mAh g�1 up to the 50th cycle at the rate C/2 [640]. More recently, carbon

coated MoO3 nanobelts maintained its capacity of 1064 mAh g�1 after 50 cycles

at a rate of C/10 [641]. The nanobelts, having a diameter of 150 nm and a length of

5–8 μm, ware prepared by a simple hydrothermal route. It is interesting to note that

the carbon coating was done using malic acid as the carbon precursor, dispersed in

toluene. The malic acid is decomposed at a temperature of 265 �C, which is

sufficient to coat the material with amorphous carbon. The comparison of the

electrochemical properties before and after carbon coating gives evidence of

major improvements associated with the carbon-coating, which can be considered

as the proof that the carbon layer is a good electronic conductor despite the very low

sintering temperature, while higher synthesis temperatures are needed with other

precursors, as we have already discussed in previous sections. Like in the case of all

the anodes, porosity is important to increase the performance of MoO3. Recently, a

porous MoO3 film was prepared by using a facile hydrothermal route and subse-

quent calcinations in air. This material had a high capacity (750 mAh g�1 at 1C),
long cycle life (120 cycles with 80 % capacity retention) [642]. Recently, a MoO3/

graphene composite electrode (1:1 in weight ratio) delivered discharge capacities of

1437, 967, 688, and 574 mAh g�1 for the 1st, 2nd, 50th, and 100th cycles at a

current density of 500 mA g�1, respectively, with a coulombic efficiency of 97 %

from the second cycle. The electrode still delivered the capacity of 513 mAh g�1

even at a high current density of 1000 mA g�1 [642]. Taking into account that

1C¼ 1117 mA g�1, the rate capability is still smaller than that of the porous MoO3

film in [643] without the help of graphite, again pointing to the important effect of

the porosity in the performance of the electrodes.

10.9.3 Mn2Mo3O8

Numerous well-defined Mo triangular cluster oxide compounds exist and have been

considered as possible anode materials (see ref. [22] for a review). However, the

only one that has a rate capability and capacity competitive with the other materials

we have considered above is Mn2Mo3O8. Hierarchically nanostructured

Mn2Mo3O8-graphene composites (10.3 wt% carbon) consisting of graphene-wrapped
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secondary microspheres (3–5 μm) synthesized by a two-step reduction method

delivered a capacity that increases from 650 to 921 mAh g�1 between the second

and the 20th cycles at a current density of 200 mA g�1. The capacity reached

950 mAh g�1 after the 40th cycle. The rate capability was also very good, as the

reversible capacity at was 671 mAh g�1 at a current density of 1500 mAh g�1

[644]. However, this work dates from 2011, and no further study has been reported

on this compound to our knowledge. This is at contrast with the situation met with the

other compounds mentioned in this paper, where important progress has been

achieved owing to the intensive efforts made in the years 2011–2014.

10.10 Anodes Based on Both Alloying
and Conversion Reaction

Different materials in which a Li alloying-dealloying element is added to a con-

version of transition metal oxide have been investigated, hoping that the addition of

the two effects would improve the electrochemical properties. The most promising

materials entering this category are oxides with spinel structure.

10.10.1 ZnCo2O4

These are not the only spinel that belongs to this family, which include CdFe2O4,

but Cd is toxic. Since the electrochemical properties of CdFe2O4 are not better than

those of ZnM2O4 (M¼Co, Fe) that are more friendly for the environment, only the

Zn-based spinels will be considered here. The reactions that govern the electro-

chemical properties are written hereunder for ZnCo2O4 and will also apply with Co

replaced by Fe:

ZnCo2O4 þ xLiþ þ xe� ! Lix ZnCo2O4ð Þ; ð10:16Þ
Lix ZnCo2O4ð Þ þ 8� xð ÞLiþ þ 8� xð Þe� ! Znþ 2Coþ 4Li2O; ð10:17Þ

Znþ Liþ þ e� ! ZnLi alloying=de-alloying reactionð Þ; ð10:18Þ
Znþ 2Coþ 3Li2O ! 2=3Co3O4 þ 4=3Liþ þ 4=3e�: ð10:19Þ

A reversible capacity corresponding to 8.3 mol of Li per mole of ZnCo2O4

(ca. 900 mAh g�1) is expected, assuming x� 0.5 for Li intercalation into the spinel

lattice (Eq. 10.16), crystal structure destruction, followed by metal particle forma-

tion, and alloy formation with Zn (Eqs. 10.17 and 10.18). The conversion reactions

occur during charging (Li extraction, Eq. 10.19). Part of the CoO can also form

Co3O4 during the charging process (Eq. 10.19). The theoretical capacity has been
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achieved with nanosized ZnCo2O4 (20 nm) prepared by the urea combustion

technique, stable up to at least 60 cycles at a current density of 60 mAh g�1

(0.07C) in the range 0.005–3 V [645]. Starting with ZnSO4 ∙ 4H2O and Co(OH)2
precursors, this stable capacity was raised to 957 mAh g�1 for ZnCo2O4 prepared

by the molten salt method at 280 �C in air [646]. However, neither these works nor

other nano/microstructures including nanoparticles [647], nanowires [648],

nanotubes [649] could meet the rate capability and cyclability needed to be com-

petitive. Again, one had to wait for the synthesis of porous nanoparticles to obtain

significant improvements, with the results of uniform mesoporous ZnCo2O4 micro-

spheres with surrounding nanoparticles (surface area of 26.8 m2 g�1 and a pore

volume of 0.12 cm3 g�1, pore size in the range 2–10 nm) and microspheres

[650]. The capacity maintained at 721 mAh g�1 after 80 discharge–charge cycles.

Even as current density reached to 1000 mA g�1, the initial specific capacity still

showed 937 mAh g�1 and the discharge capacity of 432 mAh g�1 was retained after

40 cycles.

A binder-free flexible anode has been fabricated with hierarchical 3D-ZnCo2O4

nanowire arrays grown on a carbon cloth by using a hydrothermal route [651]. This

anode delivered charge–discharge capacities in the range of about 1200–

1340 mAh g�1 with 99 % capacity retention from 3 to 160 cycles at current density

of 200 mAh g�1. The capacity decreased from 1200, 920, 890, 710, and

605 mAh g�1 with increasing C-rate ranging from 0.2, 0.5, 1, 2, to 5C
(1C¼ 900 mA g�1). The capacity was then reversibly back to 105 mAh g�1 once

the charging/discharging rate was set back to C/5 again, revealing that almost 92 %

of the initial capacity at C/5 was recovered. This anode can be used in many

applications such as stretchable/bendable electronic devices, portable energy stor-

age devices, flexible powering sustainable vehicles, photovoltaic devices, and

control of commercial available LED and displays.

A facile two-step strategy involving a polyol method and subsequent thermal

annealing treatment has been successfully developed for the large-scale preparation

of ZnCo2O4 various hierarchical micro/nanostructures (twin microspheres and

microcubes) without surfactant assistance [652]. For the twin microspheres, the

surface area was 7.33 m2 g�1 with a relatively narrow pore size distribution ranging

from30 to 80 nm. The pore volume is determined to be 0.0449 cm3 g�1. The relatively

low pore volume is mainly contributed form the small mesopores between the homo-

geneous nanometer-sized building blocks. After 50 and 100 cycles at current

density of 500 mAh g�1 in the voltage range 0.01–3 V, the discharge capacities

were the same at 1100 mAh g�1. At a current of 1000 mAh g�1, the capacity was

1145 mAh g�1, and still 831.7 mAh g�1 after 100 cycles with a coulombic

efficiency of 99 % after the second cycle. As the current densities increase from

1.0, 2.0, and 5.0 A g�1, the electrode exhibits excellent capacity retention, slightly

varying from 1040, 1005, and 920mAh g�1.When the rate was further increased to

10 A g�1, the specific capacity recorded is exceptionally high at 790 mAh g�1.

Noticeably, when the current rate turns back to 0.5 A g�1, the capacity can be

retained as high as 1260 mAh g�1 even after 600 cycles without any losses and the

coulombic efficiency is almost around 99 %. This effective route to prepare

mesoporous ZnCo2O4 via a topotactic conversion from Zn0.33Co0.67CO3 twin

394 10 Anodes for Li-Ion Batteries



microspheres according to a multistep-splitting-then in situ dissolution-

recrystallization growth process is a facile synthetic approach and gives to ZnCo2O4

the potential for being a high-energy and high-power anode material for LiBs.

10.10.2 ZnFe2O4

Another normal spinel oxide, ZnFe2O4, is cost competitive, with a theoretical

capacity of 1072 mAh g�1. Carbon-coated ZnFe2O4 nanoparticles can also deliver

capacities of 1000 mAh g�1 at low rate, with only 10 % loss of capacity at a current

density of 1000 mAh g�1 [653, 654]. The influence of the carbon precursor on the

electrochemical properties has been studied in [655]. Between sucrose, citric acid,

and oleic acid, the winner is sucrose, which led to a carbon-coated ZnFe2O4

delivering a capacity stabilized at 1100 mAh g�1 after 60 cycles at a current density

of 50 mAh g�1. ZnFe2O4/graphene composite synthesized using urea-assisted auto

combustion synthesis followed by an annealing step delivered, with ZnFe2O4

particles 25–50 nm in size homogeneously distributed on the graphene sheets,

delivered 908.6 mAh g�1 in the fifth cycle at C/10 rate, and 908.6 mAh g�1 after

75 cycles. This anode delivered reversible charge capacities of 1002.5, 721.9,

658.8, 595.7, 516.7, 398.6, and 352.3 mAh g�1 at the current rates of 0.1, 0.2,

0.4, 0.8, 1.6, 3.2, and 4.0C, respectively [656]. Quite similar results have been

obtained with another ZnFe2O4/graphene composite synthesized by hydrothermal

process, which delivered a capacity of 956 mAh g�1 after 50 cycles at current

density 100 mA g�1, and 600 mAh g�1 at 1000 mA g�1 [657]. Interestingly,

nanostructured ZnFe2O4 (30–70 nm particles) prepared by the polymer pyrolysis

method, namely, metal–polyacrylate decomposition at 600 �C in air, had an even

better rate capability. For example, at 4C, the resulting nano-ZnFe2O4 anode

showed a reversible capacity over 400 mAh g�1 [658]. Note we have shown that

the best results with ZnCo2O4 were also obtained with a polyol synthesis route,

which actually suggests ta particular role of polyol in its interaction with these

spinel compounds. Monodisperse ZnFe2O4 nanoparticles with sizes less than 10 nm

have been successfully assembled on multiwalled carbon nanotubes (MWCNTs) by

in situ high-temperature decomposition of the precursor iron(III) acetylacetonate,

zinc acetate, and MWCNTs in polyol solution [659]. This anode delivered a larger

capacity at slow rate (1152 mAh g�1 after 50 cycles at a current density of

60 mA g�1), but a lower rate capability: At current densities of 300, 600, and

1200 mA g�1, the specific capacities were 840, 580, and 270 mAh g�1, respec-

tively. The importance of the porosity, pointed out many times along this chapter is

also evident in the results obtained with mesoporous ZnFe2O4 microspheres embed-

ded into a carbon network [660]. The microspheres were built from nanoparticles in

the size of 10–50 nm. The pore size distribution was in the range of 5–20 nm,

peaked at 11 nm, and the surface area of the microspheres was 46.8 m2 g�1 on

average, coming from both the outer surface of the nanoparticles and the amor-

phous carbon. The specific reversible capacity was 1100 mAh g�1 at the specific
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current of 0.05 A g�1 after 100 cycles, and more than 500 mAh g�1 at the specific

current of 1.1 A g�1; the cyclability was also very good, with little fading (97.6 %

after 100 cycles). All these results show that ZnCo2O4 as an anode presently

outperforms ZnFe2O4 as an anode. However, the effective route to prepare

mesoporous ZnCo2O4 via a topotactic conversion from twin microspheres that

gave the best results for ZnCo2O4 is too recent to have been experimented on

ZnFe2O4 yet.

Tin oxides spinels M2SnO4 have also been studied to examine whether

additional capacity can be obtained by the participation of Sn and Li2O by conver-

sion reaction to form SnO and SnO2. The results, which have been reviewed in ref.

[22] show drastic capacity fading, even in the case M¼Co, which, like in the case

of ZnM2O4, is found to be the most favorable case.

10.11 Concluding Remarks

The efforts to replace graphite as to increase the energy density, and most

importantly ensure safety-in-operation of lithium batteries, in particular for use in

hybrid and electric vehicles have given rise to a wide variety of metal oxides and

oxysalts for use as a negative electrode of Li-ion batteries. Yet, the list that has been

reviewed in this chapter is not exhaustive, but the other materials that have been

envisioned so far cannot compete. In the intercalation-deintercalation group, soft

carbon is a mature technology, but hard carbon can be an option for applications

requiring a lot of power. Titanium oxides have the disadvantage of a low energy

density than that of graphite, typically 160 mAh g�1 for Li4Ti5O12, 250 mAh g�1

for TiO2 vs. 372 mAh g�1. Also, the voltage at which Li cycling occurs in the

titanium oxides is high, namely 1.3–1.6 V, which reduces the operating voltage of

the Li-ion battery, and thus its energy density. On another hand, this voltage has the

advantage of avoiding the large irreversible capacity lost due to the formation of the

SEI on anode particles operating below 1 V. The titanium oxides have other

remarkable advantages: low cost, environmental safety, very good stability both

in the discharged and charged state, very good cyclability and very high power

density, very good abuse tolerance. That is why Li4Ti5O12 is expected to be

accepted for hybrid and electric vehicles in the next few years. Graphene has a

very good electronic conductivity, a good mechanical flexibility and high chemical

functionality. Therefore, it can serve as an ideal 2D support for assembling

nanoparticles with various structures and very good results have been obtained

with composites grapheme-nanoparticles of metal oxides. In addition the graphene

is able to prevent the agglomeration of the nanoparticles upon cycling, and the

nanoparticles prevent the re-stacking of the graphene sheets. The handicap for the

development of such anodes is the cost, and a scalable production of graphene. This

is a big challenge that hinders the mass production of such anodes until the problem

has been solved. Also the composites carbon nanotubes-nanoparticles of metal
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oxides can be presently prepared only at the laboratory scale, as production cost

does not permit their application in the battery industry.

Alloying materials such as Si, Ge, SiO, SnO2 can provide much larger capacities,

and energy densities than the titanium oxides and the other elements of the previous

group, but they suffer from the important capacity loss upon cycling due to the large

variation of volume upon Li insertion and de-insertion. The problem can be solved

by the reduction of the size to the nanoscale, along with the realization of complex

structures such as graphene-based composites, but again we recover the scalability

problem we have just outlined for graphene or carbon nanotubes. Si and SnO2 are

the most promising elements of this family, as germanium is expensive and not

abundant in nature. The same problem is met with oxide anodes based on conver-

sion reactions. In addition, these anodes exhibit large potential hysteresis between

the charge and discharge reactions. This voltage hysteresis, however, is expected to

be solved by using some catalysts and surface coating. Important improvements in

the cyclability and rate capability of these anodes have been obtained in the last few

years.

Both the alloying anode materials and the oxide anodes based on conversion

reactions have benefited from the progress in the preparation of porous

nanostructures. Until recently, the general strategy for synthesizing porous mate-

rials is a hard/soft template-based or de-alloying method, based on removing

something from the host materials, and simultaneously generating the porous

structures. Those methods are not suitable for large-scale production. Recently,

however, other techniques have merged involving thermal decomposition of

hydroxide, carbonate, oxalate, etc., which are much more scalable, and have been

found to be an effective way to produce porous materials. Indeed porous

nanomaterials give results that are comparable to the complex composite we have

mentioned, so that the development of few metal oxides based on alloying or

conversion reaction, in addition of titanium oxides based on the intercalation

process can be expected in the near future.
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Chapter 11

Electrolytes and Separators for Lithium
Batteries

11.1 Introduction

Rechargeable lithium batteries are basically of two types; lithium metal batteries,

and, lithium-ion batteries. Lithium metal batteries (LMB) provide a higher theo-

retical energy density than the alternatives: their wide commercial availability is

limited, however, by the tendency to grow dendrites during cycling. This is a

potential hazard and also reduces cycle lifetime. Attempts are being made to

suppress dendritic growth either by using solid electrolytes that act as mechanical

barriers, or by choosing electrolytes that produce a suitable passivation layer called

the solid-electrolyte interphase (SEI). Since there is no entirely successful strategy

to inhibit the growth of dendrites, safety concerns have led to the use of the other

kind of lithium battery, namely, the lithium-ion battery (LiB).

Lithium-ion batteries are now widely employed for a variety of applications in

electronic devices, mobile telephones, laptop computers and a large variety of other

portable appliances. They possess a very high energy density, are light and compact

and show excellent cyclability and reliability. The current commercial Li-ion

batteries are based on aprotic organic liquids such as ethylene carbonate or

dimethyl carbonate which have high dielectric constant and are thus good solvents

for salts; they also show a large window of electrochemical stability. However, their

vapor pressure is high, so that they can provoke fires and explosions in case of

accidental battery shorts, when low-stability cathodes are used such as oxides. Such

safety issues become accentuated in large lithium-ion batteries of interest in electric

cars, especially if charge–discharge is carried out at high rates. The safety aspect

has thus become a paramount issue in the development of this technology. Another

component important for safety issue is the separator. This element must have,

among other properties, a good wettability with the electrolyte, so that the choice of

the separator is dependent on the choice of the electrolyte, one reason why we have

chosen to include them in the same chapter.
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With these introductory remarks, one can provide a concise description of the

major issues involved in the choice and use of various classes of electrolytes in

lithium batteries. It should be immediately stated that most of the work in the

literature pertains to the dominant class of these batteries, namely, lithium-ion

batteries. These are the intercalation batteries inwhich both the anode and the cathode

are hosts for the lithium ions and no metallic lithium or its alloys are involved.

11.2 Characteristics of an Ideal Electrolyte

Like any electrochemical device, a lithium battery uses two electrodes (anode and

cathode) and an electrolyte: it is thus obvious that the choice of electrolyte com-

ponents is dictated by the electrode materials in use. In other words the chemistry of

the two electrode–electrolyte interfaces involved in the battery ultimately deter-

mines the optimum electrolyte. In principle, however, one may choose to define an

“ideal” electrolyte (which is usually only a “wish list”!) that would have the

following properties: (1) a large window of phase stability, i.e., no vaporization

or crystallization, (2) non-flammability, (3) a wide electrochemical stability win-

dow, (4) non-toxicity, (5) abundant availability, (6) non-corrosive to battery com-

ponents, (7) environmentally friendly, (8) robust against various abuses, such as

electrical, mechanical, and thermal ones, and (9) good wetting properties at the

electrolyte–electrode interface.

The vast amount of work published on lithium batteries shows that an “ideal”

electrolyte does not exist. What one hopes to achieve is a “workable” electrolyte

which has enough combination of desirable properties for an acceptable commercial

battery. The literature on the electrolytes for lithium batteries is extremely vast,

covering perhaps well over a thousand papers and reviews. No attempt is made here

to survey all these publications. The approach adopted is to give a brief synopsis of the

main points by giving reference and literature entries to some key papers, especially a

few critical reviews that survey the huge amount of literature. Amost excellent review

was published by Xu in 2004 [1] and this chapter draws heavily upon this publication

for the earlier work. More recent work, especially on electrolytes involving ionic

liquids is drawn from original publications and our own recent review [2].

11.2.1 Electrolyte Components

In the electrolytes used in lithium batteries, formulations based on single solvents

are very rare. Most batteries employ electrolytes that are based on two or more

solvents in which one ore more lithium salts are dissolved. Mixed solvents provide

a strategy to meet diverse and often contradictory requirements for battery appli-

cations, for example, high fluidity vs. high dielectric constant. Thus, solvents of

very different physical and chemical properties are used together to attain various
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functional aims simultaneously. Fundamentally, solid polymer and gel-polymer

electrolytes behave like solution-type electrolytes: the polar macromolecules of

the polymer are solvents that dissolve salts by solvating the anions and cations,

whereas in the gel, a small portion of the high polymer provides the mechanical

matrix which is soaked with or swollen by the liquid electrolyte. Ionic liquids (i.e.,

room temperature molten salts), however, are quite different in principle: no solvent

is involved and the salt lattice dissociates into ions of opposite charges, by thermal

disintegration only (melting).

11.2.2 Solvents

An ideal solvent should possess the following characteristics: (1) high dielectric

constant so that it is able to dissolve salts at sufficient concentrations, (2) high

fluidity (low viscosity) so that ion transport is facile, (3) inert to all cell components,

(4) liquid in a wide temperature range, i.e., low melting point (Tm) and high boiling
point, Tb, (5) should be safe (high flash point, Tf), nontoxic, and low cost. Most good

solvents, in general, contain active protons (e.g., water and ethanol) but are

unsuitable for LMB) or LiB. This is due to the extremely reactive nature of the

strongly reducing anode (lithium metal or highly lithiated carbon) and the strongly

oxidizing cathodes (transition metal based oxides): proton-containing solvents

undergo electrochemical reactions generally within 2–4 V vs. Li0/Li+, i.e., in the

range (0.0–4.5 V) in which rechargeable lithium batteries operate. Therefore, one

must use aprotic nonaqueous solvents. However, these solvents must have the

ability to dissolve sufficient amounts of lithium salts: only those with polar groups

such as carbonyl (C¼O), nitrile (C¼N), sulfonyl (S¼O), and ether-linkage (-0-)

meet this requirement. Over the years an enormous range of solvents has been tried

and the majority of them involve organic esters and ethers. Currently, solvents from

these families are being used in lithium batteries and the most common ones are

presented in Tables 11.1 and 11.2, taken from the excellent review of Xu [1].

11.2.3 Solutes

For a LiBs or LMBs, the aprotic nonaqueous solvent chosen must be combined with

a suitable lithium salt (solute) to obtain an electrolyte appropriate for the anode/

cathode combination chosen for the battery. For an ambient temperature recharge-

able battery, an ideal solute should be aimed to meet the following requirements:

(1) complete dissociation in the solvent at a fairly high concentration, (2) lithium

(Li, Na, Zn, etc.) cation should be able to move with high mobility, (3) anion should

be stable against oxidation reaction at the cathode, (4) anion should be inert to the

solvent, (5) both anion and cation should remain inert towards all cell components,

i.e., separator, (electrode substrate, current collectors: the electrode substrate and
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current collector are the meaning) and cell packaging materials etc., and (6) the

solute should be nontoxic and stable against overheating of the battery etc. during

abuse or short-circuiting etc.

The above criteria limit the choice of solutes for lithium batteries. Owing to a

small radius of lithium cation, simple salts such as halides fail to show minimum

Table 11.1 Organic carbonates and esters as electrolyte solvents [1] with EC ethylene carbonate,

PC propylene carbonate, BC butylene carbonate, γBC γ butylene carbonate, γVC γ-valerolactone,
NMO N-methyl-2-oxazolidinone, DMC dimethyl carbonate, DEC diethyl carbonate, EMC ethyl

methyl carbonate, EA ethyl acetate, MB methyl butyrate, EB ethyl butyrate

Solvent

Mw

(g mol�1)

Tm
(�C)

Tb
(�C)

η/cP
@25 �C

ε
@25 �C

Dipole

moment

(Debye)

Tf
(�C)

Density

(g cm�3)

@25 �C
EC 88 36.4 248 1.90a 89.78 4.61 160 1.321

PC 102 �48.8 242 2.53 64.92 4.81 132 1.2

BC 116 �53 240 3.2 53 – – –

γBC 86 �43.5 204 1.73 39 4.23 97 1.199

γVC 100 �31 208 2 34 4.29 81 1.057

NMO 101 15 270 2.5 78 4.52 110 1.17

DMC 90 4.6 91 0.59b 3.107 0.76 18 1.063

DEC 118 �74.3 126 0.75 2.805 0.96 31 0.969

EMC 104 �53 110 0.65 2.958 0.89 – 1.006

EA 88 �84 77 0.45 6.02 – 3 0.902

MB 102 �84 102 0.6 – – 11 0.898

EB 116 �93 120 0.71 – – 19 0.878
aAt 40 �C
bAt 20 �C

Table 11.2 Organic ethers as electrolyte solvents [1] with DMM 2-methyl-tetrahydrofuran, DME
dimethyl ether, DEE diethyl ether, THF tetrahydrofuran, 2-Me-THF 2-methyl-tetrahydrofuran,

1,3-DL 1,3-dioxolane, 4-Me-1,3-DL 4-methyl-1,3-dioxolane, 2-Me-1,3-DL 2-methyl-1,3-

dioxolane

Solvent

Mw

(g mol�1)

Tm
(�C)

Tb
(�C)

η/cP
@25 �C

ε
@25 �C

Dipole

moment

(Debye)

Tf
(�C)

Density

(g cm�3)

@25 �C
DMM 76 �105 41 0.33 2.7 2.41 �17 0.86

DME 90 �58 84 0.46 7.2 1.15 0 0.86

DEE 118 �74 121 20 0.84

THF 72 �109 66 0.46 7.4 1.7 �17 0.88

2-Me-THF 86 �137 80 0.47 6.2 1.6 �11 0.85

1,3-DL 74 �95 78 0.59 7.1 1.25 1 1.06

4-Me-1,3-

DL

88 �125 85 0.6 6.8 1.43 �2 0.983

2-Me-1,3-

DL

88 0.54 4.39
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solubility in low dielectric constant media. Salts containing anions called “soft

Lewis base,” which are bulkier such as Br�, I�, S2¯, RCOO� (carboxylates) show

better solubility but are easily oxidized on the cathodes at potentials of interest in

the lithium batteries. It is found that solubility requirements are met by complex

anions such as in lithium hexafluorophosphate (LiPF6), which is a F
� complexed by

the Lewis acid PF5. In such an anion, called anions of superacids, the single

negative charge is well distributed by the electron-withdrawing Lewis acid ligands;

these complex salts have usually lower melting points and show better solubility in

low dielectric constant media.

It is observed that anions based on milder Lewis acids are stable in organic

solvents at room temperature and have been extensively investigated by workers in

this field. Examples of these salts include lithium perchlorate and lithium borates,

arsenates, phosphates, and antimonates. Following Xu [1], some examples of these

salts are presented in Table 11.3, together with some of their basic physical

properties; also shown are their ion conductivity data in PC, and EC/DMC (1:1)

the two solvents well studied by investigators in the area of lithium battery research.

In general, carbonates and esters are more anodically stable while ethers are more

resistant to cathodic decompositions [1]. Thus, solvents used in most commercial

batteries are mixtures of solvents, plus some additives, in order to obtain various

desirable properties; their compositions are usually kept as proprietary information.

11.2.4 Electrolytes with Ionic Liquids

Ionic liquids are constituted by multi-atomic organic ions, which have a low melting

point, ideally much lower than room temperature: thus, these salts are liquids at

ambient temperatures at which batteries are required to operate. They are the solvent

Table 11.3 Lithium salts as electrolyte solutes [1] with LiBF4 lithium tetrafluoroborate, LiBF6

lithium hexafluorophosphate, LiAsF6 lithium hexafluoroarsenate, LiCIO4 lithium perchlorate,

Li-triflate lithium trifluoromethanesulfonate; Li imide (LiTFSI) BIS (trifluoromethane)

sulfonimide lithium

Salt

Mw

(g mol�1) Tm(
�C)

Tdecomp (
�C)

in solution Al-corrosion

σ (mS cm�1) (1.0 M, 25 �C)
In PC In EC/DMC

LiBF4 93.9 293 >100 No 3.4 4.9

LiBF6 151.9 200 ~8a No 5.8 10.7

LiAsF6 195.9 340 >100 No 5.7 11.1

LiCIO4 106.4 236 >100 No 5.6 8.4

Li-triflate 155.9 >300 >100 Yes 1.7 –

Li imide 286.9 234 >100 Yes 5.1 9.0
aIn EC/DMC
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part of the electrolyte in the battery. Ionic liquids (ILs) show properties that make

them attractive in Li-ion batteries. Some of these characteristics are [2]: (1) non

flammability; (2) low vapor pressure; (3) low toxicity and high environmental

compatibility, (4) large potential window/electrochemical stability, (5) high thermal

stability, (6) acceptably conductivity, and (7) materials compatibility with the anodes

and cathodes during charge–discharge. The ionic liquids do possess some disadvan-

tages: high cost; high viscosity; low conductivity at low temperature; high contact

angle (and thence poor wetting) with some electrode materials/configurations.

Ionic liquid salts have low melting temperatures because their components are

large, non-symmetric ions possessing a univalent charge. A very low charge to radius

ratio of both the cation and the anion leads to very low lattice energy of the salts with

consequent low melting point and very low cation–anion electrostatic forces. Such

cations and anions also are difficult to discharge on the electrodes, at least at lower

potentials, so that a large window of electrochemical stability is obtained. Since these

ionic liquids are essentially molten ionic salts they have little vapor pressure, in

contrast to covalently bonded liquids such as ethylene carbonate, propylene carbon-

ate, or water. Structures, of some typical ionic liquids are shown in Fig. 11.1.

11.2.4.1 Lithium Metal Rechargeable Batteries in Ionic Liquids

Rechargeable batteries based on lithium metal [LMB] are sought because they

provide a higher theoretical energy density than the alternatives. The key limitation

in commercializing such batteries is the growth of dendrites during cycling: this

Fig. 11.1 Cation–anion combinations of some ionic liquids of interest in lithium-ion batteries.

Reproduced with permission from [2]. Copyright 2010 Elsevier
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poses potential hazard (internal shorts) and leads to reduced cycle lifetime. Several

strategies have been attempted to suppress dendritic growth. Use of solid electro-

lytes to act as mechanical barriers, or choosing electrolytes that provide a suitable

passivation layer called the solid-electrolyte-interphase (SEI) are the more popular

strategies. Such SEI layers are obtained in high-dielectric constant aprotic organic

electrolyte compositions based on compounds such as ethylene carbonate (EC) or

diethyl carbonate (DEC) mixtures. These electrolytes have high vapor pressures

and are flammable, thus potentially hazardous. To overcome these problems, use of

ionic liquids [IL’s] has been proposed by a number of workers [3, 4]. To enhance

lithium-ion transport in ionic liquids of interest in batteries, addition of zwitterions

to the electrolyte has been proposed [2]; zwitterionic compounds are designed to

tether together the anion and cation constituting the battery ionic liquid. The

mechanism of the enhancement of lithium ion transport in ionic liquids by zwitter-

ions is not known, except for the speculation that they prevent the migration of the

ionic liquid under the influence of an electric field [2]; more likely, they provide

“bridges” of charges for the diffusing lithium ions somewhat similar to proton

conduction in ice [5]. Owing to the aforementioned difficulties in cycling lithium

metal anodes, they are used mostly in primary batteries; the same is true of lithium-

metal alloys [6]. Commercial rechargeable lithium batteries invariably use graphite

intercalation compounds as the active anode materials and not the lithium metal

electrodes; the latter are used in some batteries using solid polymer electrolytes

although some unresolved interfacial problems still exist in them.

11.2.4.2 Lithium Intercalation Rechargeable Batteries

Involving Ionic Liquids

Over the years, extensive work has been carried out at the Hydro-Quebec Institute

of Research [7, 8], as well as by other investigators [9] on the Li-ion batteries

involving ionic liquids; this work has been reviewed recently [2]. It should be added

that this work is not on the LiB as such but rather examines the electrochemistry of

the anode and cathode half-cell reactions of interest in lithium intercalation batte-

ries. Some solvent mixture compositions have been discovered, containing both

ionic liquids and the organic solvents, which in the same time diminish enormously

the problem of flammability faced in pure organic solvents and maintaining good

conductivity close the organic solvent [8]. These solvent mixtures and their con-

ductivities, viscosities, and flammability/non-flammability are summarized in

Table 11.4, based on our previous work [2, 8].

11.2.5 Polymer Electrolytes

A major thrust of research on lithium-ion batteries is to create safe batteries by

replacing the organic solvents, or at least, by diminishing their flammability and
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high vapor pressure. One approach is to use solid electrolytes based on polymers,

especially in batteries containing lithium metal anodes in so-called LMP (lithium

metal polymer) batteries. Wright and coworkers discovered in 1973 [10] that the

ether-based polymer poly(ethylene oxide) (PEO) was able to dissolve inorganic

salts and exhibit ionic conduction at room temperature: thus polymer electrolytes

were born. However, the credit for proposing the use of these electrolytes in

batteries belongs to Armand et al. [11]. A vast number of publications and reviews

have appeared on the subject [12]. These electrolytes offer many advantages:

excellent process ability; absence of flammable liquids; possible prevention of

dendrites; high dimensional stability that could lead to the elimination of a separa-

tor. Ion conduction in PEO and other similar polyether based media, polyacryloni-

trile (PAN), poly(methyl methacrylate) PMMA, poly(vinylidene fluoride) (PVdF),

mainly occur in the amorphous phases. Ion conductivities at ambient temperatures

are rather low and dendrite formation during cycling is still an issue. Recent

promising progress to tackle these problems involve perfluoropolyether based

electrolytes [13], or the use of cross-linked polyethylene/(polyethylene oxide)

electrolytes [14].

Solid polymer electrolytes are preferentially used in microelectronics and for

portable use, because they make possible the production of ultrathin batteries, and

have no risk of leaking. Higher ionic conductivities the order of 10�3 S cm�1

required for high-power batteries are not reached with solid-polymer batteries, and

liquid organic electrolytes are preferred in this case. Gel polymer electrolytes are

produced by combining both of them, i.e., by mixing organic electrolytes with solid

polymer matrices, aiming to encompass both advantages: obtain the high ionic

conductivity of 10�3 S cm�1 owing to the organic liquid, despite the fact that they

are under the form of solid film since the liquid electrolyte is encapsulated in

polymer chains that maintain the mechanical strength of the film. The cross-linked

Table 11.4 Viscosity, ionic conductivity, and flammability at 25 �C as function of % IL in

EC-DEC-VC-LiPF6 compositions electrolytes. Reproduced with permission from [2]. Copyright

2010 Elsevier

Ionic liquida
Viscosity Conductivity

Flammability(Pa-S) (mS cm�1)

0 % EMI-TSFI 12.1 8.5 YES

11 % EMI-TSFI 12.7 9.45 YES

20 % EMI-TSFI 13.7 9.31 YES

30 % EMI-TSFI 14.1 9.41 YES

40 % EMI-TSFI 14.9 11.09 NO

50 % EMI-TSFI 16.3 10.11 NO

60 % EMI-TSFI 17 10.45 NO

70 % EMI-TSFI 19.9 10.26 NO

80 % EMI-TSFI 24.5 10.13 NO

90 % EMI-TSFI 30.5 9.78 NO

100 % EMI-TSFI 36.3 8.61 NO
aEMI-TFSI 1-ethyl-3-methylimidazolium-bis(trifluoromethyl-sulfonyl)imide
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structure of the film can be obtained when polymer chains become entangled

upon heating and then turned into gel form upon cooling. The most studied

gel polymer electrolyte obtained by this process is the poly(vinylidene fluoride-

co-hexafluoropropylene) (PVdF-HFP) thermoplastic copolymer [15]. The advan-

tage of choosing such a co-polymer, or PAN [16], and their related blends [17], is

that they can be gelled by the liquid electrolyte to form in situ a microporous gel

polymer electrolyte inside the batteries [18]. Nevertheless, the mechanical proper-

ties of such a physical cross-linking formed by the partial orientation of molecular

chains are weak. To overcome this problem, the lithium-ion polymer batteries are

manufactured by coating a polyolefin separator or electrode with gel-polymer

electrolytes [19]. This gel coating compensates for the weakness of the mechanical

stress of the electrolyte, and improves safety, and enhances the adhesive properties

of the electrodes. The impregnation of GPE into the micropores of polyolefin

membrane can be carried out through dipping [20–22] and in situ polymerization

[23, 24]. Note that the nonpolar polyolefin is hydrophobic, so that the electrolytes

with important content of EC or PC, etc. exhibit a poor wettability, but this

drawback has been solved by a surface modification treating the polyolefin film

with a wetting agent, mostly a surfactant [25] or grafting hydrophilic functional

groups onto the surface and pore wells [26–33]. Since the surfactant is subjected to

washing away by the liquid electrolyte upon cycling or storage, permanent grafting

of hydrophilic functional groups is preferred. This grafting is carried out between

two electrode plates and applied with a radio-frequency field in a gas atmosphere

[27, 34].

Another route to overcome the problem of the weakness of the physical cross

leaking is to use a chemical cross-linking, by dissolving a polymer precursor

capable of chemical cross-linking into the electrolyte. An example is provided by

gel polymer electrolytes based on PVdF-HFP as a polymer matrix, polyethylene

glycol (PEG) as a plasticizer, and polyethylene glycol dimethacrylate (PEGDMA)

as a chemical cross-linking oligomer. With these polymer electrolytes, recharge-

able lithium batteries composed of carbon anode and LiCoO2 cathode have accept-

able cyclability and a good rate capability [35]. However, the structural changes

needed to accommodate the variations of volume of the electrodes upon cycling are

more difficult because the chemical cross-linking is based on chemical bonds

instead of Van der Waals interactions. Also the terminal step of the preparation is

heating and ultraviolet irradiation, the thermal and light initiators being azobisbu-

tylonitrile and aromatic ketone, respectively. The long exposure at high tempera-

ture required for cross-linking is damageable to the productivity. Another weakness

is the difficulty to remove non-reactive monomers from the polymer precursor.

In the same spirit, Song et al. [36] impregnated a blend of polyethylene glycol

diacrylate (PEGDA), PVdF, and poly(methyl methacrylate) (PMMA) into an 85 m

poly(ethylene terephthalate) (PET) non-woven by ultraviolet (UV) cross-linking

method. In addition to the improvement of the mechanical strength, a good con-

ductivity and liquid electrolyte retention at high temperature was found with respect

to untreated gel polymer electrolyte. Thus treated, the gel polymer can be consid-

ered as a separator which, however, does not act as a fuse and does not play a role
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for the safety of the battery. In the present case, it is thus recommended to disperse

polyethylene particles in the gel polymer electrolyte. The melting of these particles

at 100 �C results in a rapid increase of the resistivity, so that they actually act as a

fuse [37].

11.3 Passivation Phenomena at Electrode–Electrolyte
Interfaces in Li Batteries

In a lithium-ion battery, in the first few cycles, the electrolyte reacts with both the

anode and the cathode to form protective passivating layers. These layers prevent

the uncontrolled destructive corrosion of the electrodes and consumption of the

electrolyte. It also permits more appropriate rates of the battery reactions by

allowing ionic conduction through the films. Aurbach et al. have studied the surface

chemistry of this phenomenon extensively. Indeed Aurbach and Cohen open one of

their major chapters by stating [38]: “Passivation phenomena in electrochemistry

and electrochemical systems controlled by surface films are widely dealt with and

extensively studied over the years.” They refer (as reference 1 in their chapter,

quoted here as our Ref. [38]), to the original work of Vijh, as also summarized in his

book [39]. Since passivation layers on electrodes in lithium-ion batteries are central

to the successful operation of these batteries, it is appropriate to delineate here the

origins of this work, and, provide a description of the nature and function of these

layers. It should be noted that the initial reactions of electrodes with nonaqueous

electrolytes in LiB produce surface layers which are insulating so that they exhibit

low electronic conductivity and, under applied electric field, high ionic conduction.

That in nonaqueous solvents, metals react with the electrolyte to produce such

passivating layers was first proposed by Vijh in 1968 [40].

The same author also showed that the bandgap of materials, including semicon-

ducting layers, can be estimated from their heats of formation [41] and bond

energies [42]; this work [41, 42] was also brought to the attention of the electro-

chemical community [43] and reviewed in a book [39]. Subsequently, the qualita-

tive role of these surface films in electrochemical reactions [40] was quantified as a

theory of “demetallized surfaces” [44]: these were the surfaces formed by the

reaction of the electrodes with electrolytes, having semiconducting/insulating

properties and which control the rates of the electrochemical reactions—exactly

the situation obtaining in LiB, but developed for a more generalized case of a wide

range of electrode reactions. More specifically, these concepts were shown also to

be central to the battery reactions on active metals, as early as in 1974 [45]. For the

case of anodic dissolution and electropolishing of metals in nonaqueous media, the

role of these films was published in 1971 [46], and developed further in 1972

[47]. Thus, several cases of these films in electrode reactions, including specifically

in batteries [45], have already been published and reviewed in a book, in

1974 [39]. With this background on the central kinetic participation of

440 11 Electrolytes and Separators for Lithium Batteries



semiconducting/insulating surface layers on electrodes in nonaqueous (as well as

aqueous) solutions, a more specific situation of lithium ion batteries may now be

placed in its proper context.

In 1979, Peled suggested that “in practical non-aqueous battery systems, the

alkali and alkaline earth metals are always covered by a surface layer which is

instantly formed by the reaction of the metal with the electrolyte” [48]. He went on

to state that this passivating layer controls the rate of the battery reaction. He is

essentially restating the same conclusion already demonstrated to be valid for a

whole range of electrode reactions [39, 40, 43–47], including batteries [45],

published several years before his paper [48]. One has thus to assume that Peled

had not read the relevant electrochemical literature before “re-discovering” [48] the

well-known role of surface films in electrode reactions [39–47], focused more

narrowly in his case for the lithium batteries [48]. What was termed by Vijh [44]

as a “demetallized surface” was coined by Peled [48], as a SEI: since the battery

community, largely unaware of the foundational electrochemical work on this

subject [39, 40, 43–47]—with the conspicuous exception of Aurbach [38]—has

adopted Peled’s terminology, we deal in the rest of this section with the nature,

properties, and the role of SEI. Keep in mind, however, that SEI was not discovered

by Peled [48] but “re-discovered” by him and given a new name.

As outlined above, metals, especially the more active alkali and alkaline earth

metals but more generally all metals, react with the electrolyte components so that

the electrode surfaces become demetallized [44], i.e., covered by a solid

semiconduction/insulating layer [39]; the SEI layer proposed by Peled [48] on

lithium in nonaqueous aprotic batteries is merely a case in point. The original

contribution of Peled [48], however, lies in the fact that he regarded this film as

analogous to a solid electrolyte constituting the interphasial region. He further

made the point that the rate-determining process for a redox reaction on such a

surface would be the diffusion of lithium ions through SEI: this point, again, had

already been well-established in the electrochemical literature dealing with, for

example, a variety of electrodes covered by insulating films, especially on anodes,

as in the classic book by Young published in 1961.

Regarding the properties of SEI, the chemical composition of this film is closely

related to the electrolyte used. It usually attains thickness in 25–100 Å range.

Electrons do not show any appreciable tunneling trough an insulating film of this

thickness [1]. Ideally, the electrolyte chosen should give rise to a SEI in which the

cation transport number for the migration of lithium ions approaches unity. The

structures and compositions of SEI formed on Li in various electrolytes have been

extensively studied by many workers, most notably by Aurbach and coworkers

[38]. A useful book surveying the work on SEI is available [49, 50]. It has been

argued by Xu [1] that two aspects of SEI are central to its behavior: (1) static

stability of SEI that relates to the standing storage of the battery and (2) dynamic

stability that relates to its reversibility. SEI formation gives lithium electrodes static

stability in nonaqueous solvents. However, SEI also gives rise to a nonuniform

surface morphology on the lithium metal surface for the deposition of lithium: thus,
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the current density across the surface is nonuniformly distributed during lithium

stripping/deposition, with the direct consequence being dendritic growth.

For the lithium ion intercalation batteries, the limitations of uneven morphology

of SEI on the electrodes are less serious since dendrite formation situation does not

normally arise, except under extreme conditions, e.g., very low temperatures where

lithium can deposit on the carbon anode.

For an ideal SEI for lithium ion batteries, the following requirements must be

met: (1) electron transference number, te¼ 0; (2) high ionic conductivity; (3) uni-

form morphology and chemical composition; (4) good adhesion to the anode

materials (C, Si, Sn, . . .) surface; (5) Good mechanical strength and flexibility;

(6) low solubility in electrolytes. It should be pointed out that although SEI layers

are of paramount importance on anodes, they do exist on cathodes also [51] in

lithium ion batteries. Further details are available in the previous reviews [1, 49, 50].

11.4 Some Problems with the Current Commercial
Electrolyte Systems

It is generally realized that the current state-of-the-art electrolyte systems for

lithium batteries are far from perfect and improvements/new electrolyte systems

are being sought constantly. Some major problems needing attention are as follows.

11.4.1 Irreversible Capacity Loss

SEI surface films form both on the anode and the cathode and this means that a

certain amount of electrolyte is permanently consumed. The irreversible process of

SEI formation immobilizes a certain amount of lithium ions within the insoluble

salt that constitutes the SEI. Since most LiBs are built as cathode-limited, in an

attempt to avoid the lithium metal deposition on the carbonaceous anode at the end

of charging, the consumption of the limited lithium ion source during the initial

cycles leads to some permanent capacity loss of the cell. Thus, cell energy density

and the corresponding cost are compromised. The extent of this irreversible capac-

ity loss depends on the anode-electrolyte-cathode combination chosen.

11.4.2 Temperature Range

Most commercial battery electrolytes contain two indispensable components:

LiPF6 as salt and mixed organic solvent; at least binary mixing where the EC is

an important component. It is found that, as an over simplified generalization, EC is
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responsible for lower temperature and LiPF6 for the higher temperature, instabil-

ities. Some attempted solutions to minimize these instabilities involve use of

additives to obtain so-called “functional electrolytes” [1].

11.4.3 Thermal Runaway: Safety and Hazards

When lithium cells are subjected to various abuses, thermal runaway can occur

which causes safety hazards. This is a huge issue, especially in the use of these

batteries in electric cars and in some aircrafts. A number of flame-retarded or

nonflammable electrolytes are being developed by employing additives [1] or

ionic liquids [2].

11.4.4 Enhanced Ion Transport

Although impedances at the anode–electrolyte and cathode–electrolyte interfaces

are the limiting factor, ion transport within the bulk electrolyte is also an important

consideration. Ion conductivity in nonaqueous solutions is much lower than in

aqueous solutions: in fact the part of the current carried by the lithium ions in the

battery electrolytes is always less than half. A semiempirical rule has been

observed: the higher the bulk ion conductivity of the battery nonaqueous electro-

lyte, the more conductive the SEI formed on the electrode in this electrolyte [1]. In

other words, more ionic conductivity desired in the SEI is heralded by higher

lithium ion conductivity of the bulk electrolyte.

11.5 Electrolyte Designs

For small batteries that do not require much power or energy, solid electrolytes may

be sufficient. For more demanding applications, more conductive electrolytes based

on organic liquids must be used [52]. Nonaqueous electrolytes with high ionic

conductivity include carbonate-based aprotic solvents such as: propylene carbonate

(PC), ethylene carbonate (EC), diethyl carbonate (DEC), ethyl-methyl carbonate

(EMC), or dimethylene carbonate (DMC) and blend of them. Liquid carbonates can

dissolve a sufficient concentration of Li salts to give the conductivities required for

electric transportation (σ> 10�3 S cm�1). The stabilization and control of the SEI

in that case is crucial, not only to improve the cyclability and the performance of the

cell but also to make it safer, since flammable gas can be generated during SEI

formation, and the SEI can be resistive, thus increasing locally the temperature.

That is why many efforts have been made to understand the mechanism of SEI

formation and to put additives in the electrolyte to control and stabilize it. The
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dynamic study shows that SEI formation takes place in two stages. The first stage

occurs before Li+ intercalation into graphite and the SEI formed in this stage is

structurally porous, highly resistive, and unstable. The second stage occurs simul-

taneously with the intercalation of Li+ and the resulting SEI is more compact and

highly conductive [53]. Better stability of the latter is attributed to the formation of

a network of organic compounds through the coordination of Li+ ions and organic

carbonate anions [54]. Therefore, attention is focused on the first stage for safety

concerns.

11.5.1 Control of the SEI

The SEI formed in the first stage is more enriched with inorganic components than

in second stage at high (lower if measured vs. Li0/Li+) voltage. Furthermore, this

period produces more gaseous products, especially for PC-containing electrolytes.

The SEI formation can be facilitated by chemically coating an organic film onto the

surface of graphite through an electrochemical reduction of additives. This can be

achieved by polymerizable additives that are preferably reduced to form an insol-

uble solid product, which subsequently is covered onto the surface of graphite as a

preliminary film to deactivate catalytic activity. Therefore, use of these additives

not only reduces gas generation but also increases the stability of the SEI due to the

participation of additive molecular moieties to the SEI. Such additives contain one

or more carbon–carbon double bonds in their molecules, and include vinylene

carbonate [55–60], vinyl ethylene carbonate [59, 61], allyl ethyl carbonate [62],

vinyl acetate [63], divinyl adipate [64], acrylic acid nitrile [64], 2-vinyl pyridine

[65], maleic anhydride [66], methyl cinnamate [1], phosphonate [67], and vinyl-

containing silane-based compounds [68, 69], and furan derivatives [70]. However,

in addition to the reductive polymerization, the opposite oxidative polymerization

can also occur on the positive electrode, which inevitably increases impedance and

irreversibility of the cathode. Therefore, a reasonable amount of such additives in

the electrolyte is not to exceed 2 wt%. Since the reductive polymerization takes

place at higher potential than the solvent reduction, these additives operate on the

initial stage of the SEI formation, resulting in a reduction of gas generation and

stabilization of the SEI, thus improving the safety. Other additives operate differ-

ently, through absorption of their reduced products onto the graphite surface. They

include sulfur-based compounds like SO2 [71], CS2 [72], polysulfide [73], cyclic

alkyl sulfites [74], and aryl sulfites [75]. All of them must be strictly limited because

they are soluble in organic electrolytes and anodically unstable at high potential.

Another example is 5 wt% AgPF6 that is able to suppress PC reduction and graphite

exfoliation in 1 mol L�1 LiPF6 PC–DEC (3:2 in vol.) electrolyte [76], due to the

deposition of Ag at 2.15 V vs. Li0/Li+. Nitrogen compounds [73, 77] and carbonyl-

based compounds [78–80] can also be used as reducing agents. Finally, another

type of additive, named reaction-type additive [53], acts by scavenging radical ions

[81], or by combining with the final products of the SEI. Such is the case for
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CO2-providers [82], as CO2 facilitates the formation of the SEI formed with EC-

and PC-based electrolytes [72, 83, 84]. A similar approach is the saturation of the

electrolyte with Li2CO3 [85, 86].

11.5.2 Safety Concerns with Li Salts

The Li salt in the electrolyte also plays a role in the safety of the battery. For the SEI

formed with LiPF6-carbonate electrolyte, isolated LiF is the important factor produc-

ing unstable SEI [87]. For this reason, many boron-based anion receptors have been

developed to dissolve LiF [88]. The most representative compound is tris

(pentafluorophenyl) borane (TPFPB) [89] that dissolves LiF not only in electrolytes

with LiPF6 [89] but also with LiBF4 salt [90, 91]. The drawback is that it also captures

LiF fromLiPF6 to release highly reactive PF5 [92]. A solution for this undesirable side

effect may come from aromatic isocyanate compounds, which deactivate the reactiv-

ity of electron deficient PF5 with the electrolyte solvents, and also stabilizes the SEI

through the reactions with the chemisorbed oxygen groups on the surface of graphite

particles [93]. It also scavenges water and acidic HF from the electrolyte due to its

extremely high reactivity to these impurities. PF5 can also deteriorate the stability of

the SEI via reactionswith its components. The consequence is safety hazard caused by

the generation of gaseous products that build-up pressure inside the battery. Weak-

ening the reactivity and acidity of PF5 is possible by adding a weak Lewis base such as

tris(2,2,2-trifluoroethyl)phosphite (TTFP) [93] to which we return in Sect. 11.5.4,

devoted to fire retardants, or amide-based compounds such as 1-methyl-2-

pyrrolidinone [94], fluorinated carbamate [95], and hexamethyl-phosphoramide [96].

To overcome the difficulties met with LiPF6, attempts have been made to replace

it by another salt without any fluorine in the chemical formula.. Lithium bis

(oxalato) borate (LiBOB) was initially studied as an alternative salt to improve

the high temperature performance of Li-ion batteries [97], but it also significantly

stabilizes the SEI during extended cycling [98]. Jiang and Dahn systematically

investigated the safety feature of LiBOB with various electrode materials by means

of accelerated-rate calorimetry (ARC) [99]. It was found that, while enhanced

safety could be obtained with fully lithiated graphitic anode and LiBOB-

electrolytes, there were safety concerns whit most of the tested cathode materials,

as they showed higher self-heating rate, thus indicating higher reactivity between

LiBOB and these metal oxides. The only exception is LiFePO4 that showed much

higher onset temperature in the presence of LiBOB. Thus, Dahn and coworkers

proposed a so-called “thermally stable lithium-ion cell” with the configuration of

graphite/LiBOB/EC/DEC/LiFePO4 [89]. In addition, LiBOB is a very efficient

protector against overcharge, at contrast with LiPF6. We discuss this effect in the

next section devoted to overcharge protection. LiBOB can even be efficient at an

additive level (1 mol%) in a 1 mol L�1 LiPF6 or a 1 mol L�1 LiBF4 [100, 101]

PC-EC electrolyte. Lithium oxaltodifluoroborate (LiODFB) has the same property,

but provides better performance than LiBOB at low temperature. Note that we have
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again shifted to salts that contain fluorine. Indeed, it is difficult to get rid of it,

because, despite the safety problems that it induces, it has a very benefic effect: it

passivates the aluminum collector by plating an AlF3 layer at its surface, thus

protecting the collector against corrosion. However, Al passivation can be achieved

without the presence of fluorine: not only LiODFB but also LiBOB is able to

suppress Al corrosion in the PC–DEC or EC–DMC electrolyte [101]. In that case,

this is due to the anion break of O-B bonds and the new anion constantly combines

with Al3+ to form a very stable passivation layer. Nevertheless, LiBOB has also

some defects that limit its use: its low solubility in solvents with low dielectric

constant, lower conductivity of their solutions in typical carbonate mixtures as

compared to LiPF6, easy hydrolyzability, and difficult large-scale synthesis of high-

purity LiBOB [101, 102]. Safety features of LiBOB-bearing cells are being eval-

uated [103]: concerns remain in the case of cathodes where a higher self-heating

rate is observed, including LixMn2O4 at small values of x [104], which suggests

reactions between LiBOB and oxide cathodes.

LiBF4 is known to have a much better thermal stability than LiPF6 [105]. In

particular, its stability in EC+ γ-butyrolactone (GBL) has insured very low anode

swelling during high-temperature storage, has improved the safety performance

with a LiCoO2 cathode, and very good results were obtained with LiFePO4 as well

[106]. Earlier works also motivate the alternative choice of lithium bis(trifluoro-

methanesulfonyl)imide (LiTFSI) instead of LiBF4. The conductivity of the LiTFSI-

based electrolyte is about 8� 10�3 S cm�1 [107], and its molecular weight is only

197 g. In GBL-EC mixtures, however, LiBF4 is preferred to LiTFSI because it is the

only salt that permits full charge–discharge cycles with graphite anodes [108], and

GBL is an interesting solvent because of its high flame point, high boiling point,

low vapor pressure, and high conductivity at low temperatures [109].

A new class of compounds known as lithium fluoroalkylphosphates was intro-

duced [110]. The premise for their development was that the substitution of one or

more fluorine atoms in LiPF6 with electron-withdrawing perfluorinated alkyl groups

should stabilize the P–F bond, rendering it stable against hydrolysis and resulting in

an improved thermal stability of the salt. The hydrophobic perfluorinated alkyl

groups sterically shield phosphorus against hydrolysis. The new compounds also

have conductivity comparable to that of LiPF6. Oesten et al. [111] showed that

LiPF3(C2F5)3 (LiFAP) has a combination of flame-retardant moieties, fluorinated

derivatives and phosphoric acid esters. Gnanaraj et al. [112], who investigated the

thermal stability of solutions of LiPF6 and LiFAP in EC–DEC–DMC mixtures,

showed that the onset temperature for thermal reactions of LiFAP solutions were

higher than 200 �C, although their self-heating rate was very high.

11.5.3 Protection Against Overcharge

Safety hazards may also come from overcharge, and the life of the battery would

anyway be reduced if high potentials were achieved. Additives in the electrolyte
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have improved protection against overcharge. In particular, redox shuttle additives

can do this reversibly: when overcharging, the shuttle molecules are oxidized at the

positive electrode and the oxidized species diffuse to the negative electrode and are

reduced back to the neutral molecule. The difficulty comes from the severe condi-

tions that the shuttle additive should fulfill: (a) the shuttle reaction must be highly

reversible, (b) its oxidation potential must be slightly higher than the normal end-

of-charge potential of the positive electrode (c) it must be electrochemically stable

within the cell operating potentials, and (d) its oxidized and reduced forms must be

highly soluble and mobile. The anisole-family compounds belong to the small

family of the few organic molecules that satisfy simultaneously all these conditions

[113], and have thus been extensively studied [114]. Their potential in most cases

are in the range 3.8–4.0 V and are thus suitable for LiFePO4-based Li-ion batteries.

Other aromatic compounds have similar functionalities. For LiMn2O4 cathode,

however, the higher working potential requires a different additive. The only

solution so far is provided by lithium fluorododecaborates (Li2B12FxH12�x) that

act as a lithium salt but also as a redox shuttle at 4.5 V. This is the highest potential

that redox shuttle molecules can undergo without structural deterioration.

In contrast with redox shuttle additives, shutdown additives terminate the cell

operation permanently: at high potentials, the additive molecules polymerize to

release gas, which activates the current interrupting device (disconnection of the

pressure safety valves), while the resulting polymer is plated onto the surface of the

cathode to isolate it from further overcharge. Most of these additives are aromatic

compounds, such as xylene [115], cyclohexylbenzene [116], biphenyl [117–120]

2,2-diphenylpropane, phenyl-R-phenyl compounds (R¼ aliphatic hydrocarbon,

fluorine substituted) and 3-thiopheneacetonitrile [120]. However, these compounds

reduce the calendar life of the batteries due to their irreversible oxidation. On the

other hand, LiBOB acts as a shutdown additive [1], as it begins to decompose and

release gases (mainly CO2 and CO) at a voltage of about 4.5 V. In a 1C-overcharge
test on 8 Ah Li-ion batteries, the LiBOB battery only experienced mild vent with

the maximum temperature not exceeding 100 �C and did not catch fire, while the

LiPF6-containing battery not only caught fire but exploded with the maximum

temperature reaching 400 �C [1]. This excellent overcharge tolerance of LiBOB

batteries, also observed with spinel cathode [121], is attributed to the fact that the

oxalate molecular moieties of LiBOB are preferably oxidized to produce CO2 by

the oxygen released from the cathode [122].

11.5.4 Fire Retardants

Thermal runaway and battery fires are the main obstacle for the application of

Li-ion batteries to electric vehicles, due in particular to the flammability of the

organic liquids. Therefore many efforts have been made to find fire-retardant

additives aiming at reducing the self-heat rate and delaying the onset of thermal

runaway. The first strategy aims at using a chemical radical-scavenging process,
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which terminates radical chain reactions responsible for the combustion reaction in

the gas phase [123, 124]. The additives in that case are mainly organic phosphorous

compounds. Partially fluorinated alkyl phosphates are successful not only as a

retardant additive but also to improve the reductive stability [125]. When 20 wt%

of tris(2,2,2-trifluoroethyl)phosphate was added, for example, the electrolyte

became nonflammable while having no adverse impacts on both graphite anode

and cathode [125]. Cyclophosphazene family compounds are also promising fire

retardants [126, 127] due to the high content of phosphorus related to their ring

structure, especially hexamethoxycyclotriphosphazene that is stable up to 5 V

against the anodic potential [126]. Besides the P5+-phosphates, the P3+-phosphites

have also a fire retardant power, with the advantage that they facilitate the forma-

tion of SEI [128], and can deactivate PF5 [92]. The best example is tris(2,2,2-

trifluoroethyl)phosphite (TTFP) [129]. Fluorinated propylene carbonates also act as

non-phosphorus fire retardants [130].

Another strategy currently investigated to reduce electrolyte flammability is

mixing with ionic liquids (IL), since room temperature ionic liquids are known

for their non-volatility and inflammability. However, most ILs do not form a robust

solid electrolyte interface on carbon during the first lithiation. Many efforts are then

currently made to identify ILs improving cycling performance. 1-ethyl-3-

methylimidazolium (EMI), 1-propyl-1-methylpyrrolidinium (Py13) have been cho-

sen as cations, and bis(fluorosulfonyl)imide (PSI) for the anion and compared to

conventional electrolytes: 1 mol L�1 LiPF6 in EC-DEC or lithium bis

(fluorosulfonyl) LiFSI salt [131]. The study has been extended to N-trimethyl-N-
butylammonium (TMBA) cation, and bis(trifluoromethanesulfonyl)imide (TFSI)

anion [132]. As a result, ionic liquids with TFSI� are safer than those with FSI�,
and IL with EMI+ are worse than those with 1-butyl-3-methylimidazolium BMIM+,

Py13+, and TMBA+. The better stability of TFSI� comes from the fact that it

contains more F atoms than FSI�. At Li-containing negative electrodes, these F

atoms may react to form LiF, which is an effective component of the passivation

film. Then, TFSI with a higher fluorine content than FSI can form a thicker and

more stable film of reaction products. In any case, these experiments also show that

IL cannot be used at 100 % concentration in Li-ion batteries, because of their high

viscosity and relatively low conductivity; in addition their conductivity decreases

when a salt (e.g., LiTFSI) is added to make an electrolyte solution. This behavior is

contrary to that of conventional aqueous and nonaqueous solvents. One way to

overcome this difficulty is to add organic solvents such as EC and DEC. The

conductivity and viscosity as a function of the rate of dilution of EMI-FTSI with

the organic electrolyte ethylene carbonate/diethyl carbonate plus 2 % vinyl carbon-

ate (EC-DEC VC-1 mol L�1 LiPF6) has been investigated [8]. The result is reported

in Fig. 11.2. When IL in the mixture increases up to 60 %, the conductivity rises

much faster than the viscosity. Further increase of IL leads to a decrease in

conductivity because there is no sufficient organic solvent available to solvate all

the IL present, so the conductivity approaches that of pure IL. Correspondingly,

there is a steep rise in viscosity of the mixtures with increasing IL fraction. The

expected inverse correlation between conductivity and viscosity of the electrolytes
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is not followed in the mixtures, because the organic solvent has covalent bonding

and few ions (by auto-solvation), and hence low conductivity, whereas ionic liquids

are by definition rich of ions, and therefore have higher conductivities than organic

solvents. Therefore, there is a remarkable optimum concentration range for

a promising battery application when the proportion of IL in the mixture is

40–60 %, which provides the key desirable properties: high conductivity and low

viscosity. Upon exposure of the mixture to a direct flame, the electrolyte flamma-

bility occurred with pure organic electrolyte in the first second of ignition; as soon

as IL is added in the electrolyte, the flame exposure time increases before flamma-

bility occurs. After adding 40 % IL in the electrolyte, no flammability is observed

within the test periods (25 s). In addition, the high rate capability of LiFePO4, which

was reduced in pure IL, is recovered in the mixture when the IL concentration is

40 %; moreover, with increasing discharge rate, the capacity is maintained close to

that in the organic solvent up to 2C rate [8]. Note that the mixed electrolyte is not

a new phase, so that heating the mixture up to 100 �C does not prevent the

decomposition of the salt and the organic solvent inside the mixture. However,

adding 40–60 % IL in the organic electrolyte obviously increases the battery safety

without damaging the performance up to 2C rate.

11.6 The Separators

We have already mentioned the interest of the separator in the case of gel-polymer

electrolytes. This element is critical in the case of liquid electrolytes. The function

of this membrane is to separate to prevent physical contact of the positive and

negative electrodes. It must permit free ion flow, so that it must be porous. On the

other hand, it should be an electrical insulator to prevent any electronic flow that

Fig. 11.2 Conductivity and viscosity of EC–DEC–VC–1 mol L�1 LiPF6 with EMI-TFSI.

Reproduced with permission from [8]. Copyright 2010 Elsevier
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would result in a self-discharge process. The requirements in terms of chemical

stability, porosity, pore size, permeability of the separators and the different

materials that are used have been reviewed by Zhang [133]. The separator is also

required to be capable of battery shutdown at a temperature smaller than that of the

onset of thermal runaway, without loosing its mechanical stability. This condition is

more or less stringent, depending on the choice of the electrodes, and is usually

fulfilled by microporous polymer membranes Almost all such membranes used in

the current Li-ion batteries are based on semi-crystalline polyolefin materials, such

as polyethylene (PE), polypropylene (PP), and their combination under the form of

PE-PP bilayer [134, 135] or PP-PE-PP trilayer [136–142] separators commonly

used by manufacturers. Their shutdown temperature is ~130 �C (melting point of

PE), and the melting temperature is that of PP, namely 165 �C. The PE layer is

capable of melting and filling the pores at a temperature lower than thermal runway,

which, as a result, considerably increases the resistance of the electrolyte layer

between the two electrodes to terminate the operation of the battery, while the PP

layer still has sufficient mechanical strength to prevent a short circuit between the

electrodes. About a 35 �C buffer between the PE shutdown and PP melting may be

enough for the protection of most Li-ion batteries, except if the overheating is so

important that the separator shrinks or even melt, a situation that can be met during

the nail penetration test and short-circuit test on batteries that include lamellar

compounds as active particles of cathode elements, in which case the thermal

runaway is inevitable.

The physical properties of the separators also depend on the preparation process,

which determines the size of the pores and their orientation. Two modes of

preparation are currently used, the dry process (separators commercialized by

Celgard with the composition PP-PE-PPP), and the wet process (separators com-

mercialized by Exxon Mobil with the composition PE alone). The details on these

two processes and a comparison of the properties of the membranes commercial-

ized by these two companies can be found in ref. [133]. From the viewpoint of

microporous structure, the membranes made by the dry process seem to be more

suitable for a high power density battery due to their open and straight porous

structure, while those made by the wet process are more suitable for a long cycle

life battery because of their tortuous and interconnected porous structure that is

helpful in suppressing the growth of dendritic Li on the graphite anode during fast

charging or low temperature charging. The polyolefin membranes used in Li-ion

batteries have a typical thickness of 25 μm, decreasing towards 10 μm for the higher

energy density batteries. This is a limit, since smaller thickness would raise a safety

risk regarding mechanical penetration. For instance, the Celgard 2325, which is the

reference of the PP-PE-PP membrane, has a thickness of 25 μm. In the first step of

the preparation of this membrane by the dry process, the polymer resins are melt-

extruded into a uniaxially oriented tubular film. The resulting film is required to

have a crystalline row structure with lamellae arranged in rows with their long axis

along the transverse direction (TD) perpendicular to the machine direction (MD).

The consequence is a large difference between the tensile strength in the MD

direction: 1900 kg cm�2 and the TD direction: 135 kg cm�2. This is a major
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difference with the membranes prepared by the wet method which are much

more isotropic: the tensile strength of Exxon Mobil membranes are in the range

1200–1500 kg cm�2 in both MD and TD directions.

For high-power applications that require separators with an excellent thermal

stability, such as electric vehicle applications for instance, inorganic composite

separators are an alternative. They are made of ultra-thin particles bonded using a

small amount of binder. The particles are oxides of transition metal, such as MgO

[143], TiO2 [144], Al2O3 [145], or CaCO3 [146, 147]. The binder is usually PVdF or

PVdF-HPF already mentioned in the context of gel-polymer electrolytes in

Sect. 11.2.5. These separators have extreme thermal stability and show zero-

dimensional shrinkage at high temperatures. Another advantage is their outstanding

wettability with all the liquid electrolytes, in particular, they contain high concen-

tration of cyclic carbonate solvents such as EC and γ-butyrolactone (GBL) that are
unable to wet the nonpolar polyolefin separators, and permits the use of a high

content of EC in the liquid electrolytes. In addition, the extreme thermal stability

offers the batteries excellent temperature tolerance. However, these composite

separators are not mechanically strong enough to fully withstand handling and

manufacturing. In the case of their use as gel polymers, we have mentioned that

one solution was the addition of a cross-linking oligomer.

To solve the problem for separators, Degussa developed a series of Separion

(a trade name) separator by combining the characteristics of polymeric non-woven

poly(ethylene terephthalate) (PET) and nanoparticles of ceramic materials (alumna,

silica, zirconia nanoparticles) [148–152]. This separator is illustrated in Fig. 11.3.

As an example [152], the inorganic binder sol can be prepared by hydrolyzing a

mixture of tetraethoxysilane, methyltriethoxysilane and (3-glycidyloxypropyl)

trimethoxysilane in the presence of HCl aqueous solution. The resulting sol was

used to suspend aluminum oxide powders, and then the homogenized suspension

Fig. 11.3 Schematic structure of the Separion separators. This figure was redrawn in ref. [133]

based on Fig. 1 of Ref. [148] and product brochure of Separion separators
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was coated on a porous non-woven PET, followed by drying at 200 �C to obtain the

separator. This method resulted in a separator having an average pore size of

0.08 μm, a thickness of about 24 μm and a Gurley value of about 65 s, and the

separator thus made was thermally stable up to 210 �C, which is limited by the

melting point of PET non-woven matrix. The comparison between Separion and

Celgard membranes in Table 11.5 shows the remarkable improvements of the

Separion separators in terms of wettability, permeability (low Gurley value),

meltdown temperature. In addition, all the abuse tests give evidence of the remark-

able improvement in the safety of the batteries equipped with this separator. In a

nail penetration test on the 8 Ah Li-ion pouch cells, the maximum temperature of

the cell using Separion separators is only 58 �C against 500 �C for the cell using PE

separators [150, 151].

11.7 Summary and Conclusions

In various commercial lithium ion batteries, the exact electrolyte composition

differs from manufacturer to another, and the compositions employed remain

proprietary information, involving secret formulas and additives etc. However,

the majority of these electrolytes involve two indispensable components: EC as a

solvent and LiPF6 as the solute. It is believed that all manufacturers also use

co-solvents involving one or more linear carbonates such as DMC, DEC or EMC;

these co-solvents increase fluidity and decrease the melting point of the electrolyte.

The commercialized lithium ion batteries deliver their rated capacity and power in

the temperature range �20 to 50 �C: the lower temperature limit (�20 �C) is set by

Table 11.5 Comparison of the properties of the Separion and Celgard separators

Trade name Separion Separion Celgard Celgard

Separator brand S240-P25 S240-P35 Celgard 2340 Celgard 2500

Composition Al2O3/SiO2 Al2O3/SiO2 PP–PE–PP PP

Support matrix PET non-woven PET non-woven N/A N/A

Thickness (μm) 25� 3 25� 3 38 25

Average pore size (μm) 0.24 0.45 0.038� 0.90 0.209� 0.054

Gurley value (s) 10–20 5–10 31 9

Porosity (%) >40 >45 45 55

Temperature

stability (�C)
210 210 135/163 163

Thermal shrinkage (%) <1 <1 5 3

Tensile strength (MD) >3 N cm�1 >3 N cm�1 2100 kg cm�2 1200 kg cm�2

Tensile strength (TD) 100 kg cm�2 115 kg cm�2

The data were cited directly from the product brochures. Gurley value was expressed as the time in

seconds required to pass 100 mL of air through 6.45 cm2 (1 in.2) of membrane under a pressure of

31.0 cm (12.2 in.) of water
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EC owing to the high melting point and high liquid temperature it confers on the

solvent mixture, and the high-temperature limit (50 �C) is due to LiPF6 owing to its
reactivity with solvents. At temperatures above 60 �C the performance deterioration

of these batteries is permanent. However, the reduction in performance at low

temperatures between �20 and �30 �C is usually temporary and can be recovered

once the battery is brought back to temperatures above 20 �C. The struggle to obtain
better and high performance electrolytes for lithium batteries is a highly complex

area full of very intensive activity [132]. Some recent activity involving ceramic

electrolytes in all solid-state lithium batteries may also be mentioned

[132–156]. This chapter has been conceived as a survey on the electrolytes, with

attention focussed on the basics regarding their constitution in relation to the safety

concern and to their impact on the performance of the batteries. The reader who

would be interested in more details and knowledge is invited to read a recent book

that has been written for this purpose [157].
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Chapter 12

Nanotechnology for Energy Storage

12.1 Introduction

Nanomaterials of metal oxides have been intensively studied as anode and cathode

materials for lithium-ion batteries (LiBs) aimed at achieving higher specific capac-

ities and high power density. It is worth pointing out that the word “nanotechnol-

ogy” has become very popular and is used to describe many types of research where

the characteristic dimensions are much less than 1 μm. For example, continued

improvements in lithography to design computer components have resulted in line

widths that are less than one micron: this work is often called “nanotechnology.”

Many of the exponentially improving trends in computer hardware capability have

remained steady for the last 50 years. Today “nanosciences” are fairly widespread

with the belief that these trends are likely to continue for at least several years;

however, new aspects are now considered in the field of energy transformation. In

this respect, the classic 1959 article “There’s plenty of room at the bottom” by

Richard P. Feynman discusses the limits of miniaturization and forecast the ability

to “. . .arrange the atoms the way we want; the very atoms, all the way down!” [1].

Nano-structured materials are distinguished from conventional polycrystalline

materials by the size of the structural entities that comprises them, microstructures

comprising nanoscale domains in at least one dimension. The ability to control a

material’s structure and composition at the nano-level has demonstrated that mate-

rials and devices having properties intrinsically different from their polycrystalline

counterparts can be fabricated. As tailoring of fundamental properties becomes

possible at the atomic level, the prospect of developing novel materials and devices

with new applications become viable.

Conventional rechargeable Li batteries exhibit rather poor rate performance,

even compared with old technologies such as lead-acid [2]. Achieving high rate

rechargeable Li-ion batteries depends ultimately of the dimension of the active

particles for both negative and positive electrodes. One of the prospective solutions

for the preparation of electrodes with high power density is the choice of
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nanocomposite materials because the geometric design of the insertion compound

is a crucial intrinsic property. The performance of electrode materials for Li-ion

batteries reached today is the result of intensive research to reduce the size of the

particles to the nanoscale. It is important, however, to specify what “nano” means

here. In electronics, for instance, it signifies particles that are so small the electronic

or the magnetic properties are modified by quantum confinement of the electrons. It

means particles smaller than 10 nm. In the physics and electrochemistry of the

cathode elements of Li-ion batteries, however, the term is used to signify particles

so small that their properties depend importantly on surface effects. Typically, the

surface layer is about 3 nm thick, so that particles are labeled “nano” in the

literature if their size is smaller than 100 nm, and usually in the range 20–

100 nm. So far, there has been little interest to synthesize smaller particles because

too small particles have been reported to reduce the tap density [3] and they are

much more difficult to handle in making electrodes for the industry of Li-ion

batteries. It turns out that some size effects on the physical and chemical properties

of the particles have been observed in this “nano” range, as we see later in this

review, but they were not necessarily expected and may not be totally understood.

Still, there have been many efforts through the years to decrease the size of the

particles from a few microns to this “nano” range, for several reasons. One is the

increase of the effective contact area of the powder with the electrolyte. A larger

effective contact surface with the electrolyte means a greater probability to drain

Li+ ions from the electrode, which increases the power density of the cell. A smaller

particle size also reduces the Li diffusion length to the interior of the particle, which

leads to a greater capacity at higher charge–discharge rates and therefore to a larger

power density. Reducing the dimensions of the active particles to nanoscale means,

for a given chemical diffusion coefficient of Li+ ions, D*, the characteristic time, τ,
for the intercalation reaction decreases by a factor of 106, since the characteristic

time constant for intercalation is expressed by:

τ ¼ L2=4πD*, ð12:1Þ

where L is the diffusion length [4]. Nanoparticles, as well as more tailored

nanostructures, are being explored and exploited to enhance rate, even for materials

with poor intrinsic electronic conductivity such as olivine frameworks. For such a

compound, by preparing the materials at the nanoscale form and by carbon coating,

high rate are achievable [5]. In addition, the small electronic conductivity of the

olivine particles that results from a two-phase FePO4/LiFePO4 reaction has led to

coating of the particles with a thin layer that is conductive of both electrons and Li,

usually an amorphous carbon layer [6]. Decreasing the particle size reduces the

length of the tunneling barrier for electrons to travel from/to the surface layer or

to/from the core of the particle, which also increases the power density. The coat

may also decrease the activation energy for Li+ transfer across the electrode–

electrolyte interfaces.

This chapter is organized as follows. The first part is devoted to the synthesis and

physicochemical properties of nanoscale functional electrode materials in various
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shapes, i.e., nanoparticles, nanofibers, nanobelts. Compounds such as LiMO2 with

M¼ (Ni,Co), (Ni,Mn,Co), MnO2, LiFePO4, WO3-SiO2 nanocomposite, WO3

nanorods, and Li2MnO3 rock-salt nanoparticles are examined. Various parameters

that influence electrochemical performance such as particle morphology, particle

size distribution are discussed. In the second part we present a specific technique of

characterization that is vibrational spectroscopy (FTIR and Raman), a powerful tool

for investigating the structural properties at the local scale of nanomaterials.

12.2 Synthesis Methods of Nanomaterials

The fabrication of low-dimensional nanostructures such as nanotubes, nanorods,

nanofibers, nanoneedles, and nanowires had achieved a lot of attention among the

researchers due to their promising applications in many advanced systems. There

are two major categories into which preparative technique of nanomaterials can be

classified: the physical “top-down” approach such as milling, and the chemical

“bottom-up” approach such as sol–gel wet chemistry. Note that the former physical

technique receives a great deal more interest in the industrial sector [7]. As a

general rule, lower temperature reactions and shorter reaction times are then

possible and they yield materials of higher homogeneity and higher specific

area [8].

12.2.1 Wet-Chemical Methods

Wet-chemistry, also named soft-chemistry or “chimie douce,” refers to synthetic

technique that implies a liquid phase. There has been a great deal of interest in

preparation of polycrystalline materials, particularly oxides synthesized at low

temperature (T> 200 �C). This method consists of acidification of aqueous solu-

tions of the starting materials. The overall process includes several steps as shown

in the schematic chart Fig. 12.1: (1) mixing of starting materials in the liquid phase,

(2) formation of the gel by evaporation, (3) formation of the precursor by heating

the gel at low temperature and (4) calcination procedure at different firing temper-

atures to obtain the final product. The wet-chemical techniques could be classified

in four groups according the salts and complexing agent used (Table 12.1). They are

namely sol–gel [9, 10], co-precipitation [11, 12], combustion [13], pyrolysis [14],

polyol [15], Pechini process [16, 17], etc.; they were employed for the preparation

of nanostructured metal oxides devoted to electrodes for Li-ion batteries. These

techniques are assisted by chelating agents that are carboxylic acids like citric,

oxalic, malic, tartaric, and succinic [18]. Pereira-Ramos has critically discussed the

impact afforded by soft-chemistry techniques especially sol–gel synthesis and

precipitation techniques on the electrochemical behavior of the oxide materials as

prepared [19]. Solution preparative techniques allow a better mixing of the
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elements and thus a better reactivity of the mixture to obtain purer reaction

products. Lower reaction temperature and shorter reaction time are then possible

to yield a compound of high homogeneity and high specific area. Moreover, these

low-temperature methods make use of lower calcination temperatures resulting in

particles of smaller size and a highly strained lattice.

12.2.1.1 Sol–Gel Method

The sol–gel method is based on the preparation of a colloidal suspension, a sol, and

its transition to a gel from which the polycrystalline material can be obtained via

inorganic polymerization reactions in solution. In the sol–gel process, a solid phase

is formed through gelation of a colloidal suspension. Drying of the gel can then give

“dry gel” (xerogel) state and subsequent heat treatment can be used to remove

unreacted organic residues, stabilize the gel, densify it, and induce crystallinity. As

an example, Fig. 12.2 shows the DTA-TG curves of the LiNi0.5Co0.5O2 xerogel.

The weak endothermic effect associated with a small weight loss of about 9 % for

T< 250 �C are attributed to departure of residual water. A strong exothermic peak

appears at 316 �C after the departure of the remaining water molecule. This

M2+ acetate

Li+ acetate
AI3+ nitrate

weak acid O

OH

80∞C
gel

< 200∞C powder

400∞C / 2hgrinding +
700∞C / 2h

800∞C for
2 h in O2

Nano-powders

OH

O

Li+

AI3+

O
O

O

O

M2+

M+

Fig. 12.1 Wet-chemical method assisted by carboxylic acid

Table 12.1 The various wet-chemistry methods used to growth transition-metal oxide powders

Method Salts

Complexing

agent

Molecular weight

(g mol�1) Molecular formula

Sol–gel Acetates Citric acid 192.43 HOC(COOH)(CH2COOH)2

Co-precipitation Acetates Oxalic acid 90.04 HOOCCOOH

Combustion Nitrates Glycine 75.07 NH2CH2COOH

Pyrolysis Acetates Succinic acid 118.09 HOOCCH2CH2COOH
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exothermic effect corresponds to the combustion of citric acid and acetate ions

xerogel. More than half of the weight loss occurs during this stage because of a

violent oxidation decomposition reaction. It appeared that citric acid (formed by –

COOH– groups) acts as a fuel in the pyrolysis of the gel precursor, accelerating the

decomposition of acetate ions. It was reported that chelating agent (carboxylic acid)

provides combustion heat for calcination in the synthesis of oxide powders

[20]. The gel precursor was self-burning once ignited, because the decomposed

acetate ions acted as oxidizer. The weight loss in the temperature range 330–400 �C
corresponds to the decomposition of the remaining organic constituents. Even

though the crystallization starts below 400 �C; thus well-crystallized and pure

phases have been obtained at 600 �C. While the pyrolysis at this stage was very

complicated, it could be presumed that the last weak exothermic at ca. 380 �C in the

DTA curve corresponds to the crystallization of the LiNi0.5Co0.5O2 phase [9].

12.2.1.2 Pechini Technique

In 1967, in manufacturing ceramic capacitors, Maggio Pechini developed a sol–gel

technique for synthesis of alkaline-earth titanates and niobates, materials which do

not have favorable hydrolysis equilibrium [21]. In the Pechini method, otherwise

polymerizable complex method, chelating of cations is realized with the aid of poly-
alcohols to create a gel through esterification. The most popular chelating agent

which has four carboxylate groups is ethylenediamine tetra-acetate (EDTA). After

formation, the gelled composite is sintered, pyrolysing the organic species and

leaving nanoparticles. In the Pechini method the metal cations are trapped in the

polymer gel, while in the traditional sol–gel methods, the gel is part of the gel

structure. The Pechini process uses poly-hydroxyl alcohols such as ethylene glycol

Fig. 12.2 TG-DTA curves of the LiNi0.5Co0.5O2 xerogel. Measurements were carried out at

heating rate of 10 �C per min with oxygen flow
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and polyvinyl alcohol as polymerizing agent in order to enhance the uniform

distribution of metal ions and avoid their precipitation during evaporation

[22]. Note that oxides can be prepared by the conventional acid pH Pechini process

and a modified basic pH Pechini process. Higher pH of the starting solution resulted

in significantly finer grains in the sintered powders. Zinc oxide (ZnO) nanorods

have been successfully synthesized by modified Pechini process using ethylene

glycol [23].

12.2.1.3 Precipitation Method

Precipitation processes are among the oldest of techniques for the synthesis of

nanomaterials. Precipitation synthesis consists of the condensation of a solid oxide

network (the precipitate) starting from soluble species. The condensation of the

species is initiated by a redox reaction or by a change of pH. Precipitate containing

transition-metal ions show typical colors: pink for cobalt, reddish brown for FeIII,

pale pink for manganese, green for nickel, etc. Different cations form precipitates

at different pH values. For example, Fe commences to precipitate at pH� 2.5

as hydroxide, while at pH� 1.8 as phosphate. Zhang et al. [24] synthesized

Li1+x(Ni1/3Mn1/3Co1/3)1�xO2 powders by a two-step combustion method using the

hydroxide route by mixing (Ni1/3Mn1/3Co1/3)(OH)2 transition-metal hydroxides and

lithium carbonate starting materials dissolved in distilled water. NaOH and NH4OH

solution was also fed into the reactor, in which the pH of the precipitate was

controlled with care to its optimized value, namely pH¼ 11 [25]. After suitable

grounding and stirring, the precursor was heated at 500 �C for 5 h. The final

products were fired at 950 �C for 10 h in air. The mean crystallite size L003 in the

<001> direction is about 80 Å larger than in the perpendicular direction, which is

linked to the elongated shape of the crystallites. Solid solution material

0.5Li2MnO3-0.5LiNi0.33Co0.33Mn0.33O2, the so-called lithium-rich compound,

was prepared via a modified co-precipitation method, which takes sulfates with

high solubility as the transition-metal sources of mixed hydroxide precursor

[26]. This process uses desired amounts of KOH and NH4OH, which act as a

chelating agent separately fed in the reactor.

12.2.1.4 Polyol Process

The polyol process is a soft-chemical method using glycol-based solvents such as

diethylene glycol (DEG), triethylene glycol (tEG), and tetraethylene glycol (TEG).

The polyol process consists of the reduction of metallic compounds such as oxides

and salts in a liquid alcohol mediummaintained at its boiling points [27]. The action

of polyol medium is twofold for the formation of monodisperse nanoparticles: a

solvent and a stabilizer that limits particle growth and prohibits agglomeration. In

order to achieve rapid nucleation in polyol reactions, a general rule of thumb is that
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the higher the temperature of the glycol, the faster the nucleation and the more

uniform the nanoparticles formed. Kim et al. [28] synthesized LiFePO4

nanoparticles prepared by the polyol process without post heat treatments. The

particles showed highly crystalline nature of rod and plate like morphologies with

an average size of 300 nm. Badi et al. [29] reported modified polyol syntheses

which produce nanocrystalline Li1� yFePO4 directly, where the maximum Li

substoichiometry on thr M1 site sustained at synthesis temperatures of 320 �C is

about 10 %. LFP nanocrystals of relatively uniform morphology were grown with

an average width of 20 nm and a length of 40 nm of a very narrow particle size

distribution [30].

12.2.1.5 Combustion Method

Combustion method involves exothermic redox reaction of an oxidizer (metal

nitrate) and an organic fuel (carboxylic acid, carbo hydrazide (CH), oxalyl

dihydrazide (ODH), tetra formal tri-azine (TFTA), acid dihydrazide, urea, etc.) to

obtain the desired phase. The stoichiometry of metal nitrate to fuel is calculated

assuming the complete combustion to yield metal oxide phase, and CO2, N2, and

H2O as by-products. Some of the fuels used were found to be specific for a

particular class of oxides, e.g., urea for alumina and related oxides, carbo hydrazide

for zirconia, ODH for Fe2O3 and ferrites, TFTA for TiO2, glycine for chromium and

related oxides [31]. Combustion synthesis can occur by two modes: self-propagat-

ing high-temperature synthesis (SHS) and volume combustion synthesis (VCS).

The samples are heated by an external source either locally (SHS) or uniformly

(VCS) to initiate en exothermic reaction. VCS is more appropriate for weakly

exothermic ractions that require preheating prior ignition, and is sometimes referred

to as “thermal explosion” mode [32]. Typical products synthesized by combustion

reaction are submicron size with large surface area that both are function of the

gaseous products evolved during combustion. As an example, the combustion of

γ-Fe2O3 using a redox compound such as iron hydrazinium FeN2H5(N2H3COO)3
liberates 30 mol of gases per Fe2O3, i.e., 6CO2 + 8 N2 + 16H2O, whereas the redox

mixture iron nitrate plus malonohydrazide C3H8N4O2 gives only 20 mol [33]. Julien

et al. [34] prepared substituted lithium cobalt oxides, LiCo0.5M0.5O2 (M¼Ni, Mg,

Mn, Zn) using urea as fuel for cathode materials in Li-ion batteries. Nanopowders

30–60 nm sized of spinel LiMn2O4 were synthesized using poly acrylic acid (PAA)

[35]. The high-voltage cathode material, LiNiVO4, was synthesized at temperatures

as low as 320 �C using the aqueous glycine–nitrate combustion process [36]. The

synthesis procedure was as follows: the aqueous solution of metal nitrate and

ammonium metavanadate was mixed with glycine (aminoacetic acid) solution in

the stoichiometric ratio 1:2 and heated to boiling and underwent dehydrated green-

black sticky paste. This paste was decomposed at around 250 �C accompanied by a

mass od small bubbles (foams) followed by the generation of combustible gases

such as NOx and ammonia, which ultimately gave rise to a pale brown powder,

referred to as the precursor. The desired phase of the final product LiNiVO4 was
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obtained after annealing at 500 �C in air for 6 h. A theoretical reaction, assuming

complete thermal decomposition of the starting materials, may be written as:

LiNO3 aqð Þ þ Ni NO3ð Þ2 aqð Þ þ NH4VO3 aqð Þ þ 6NH2CH2COOH aqð Þ!heat∇air

! LiNiVO4 sð Þ þ 5N2 gð Þ þ 12CO2 gð Þ þ 17H2O gð Þ:
ð12:2Þ

SEManalysis reveals the formation of spherical of spherical grains of submicronic size,

average size of grains 80–180 nm (Fig. 12.3a). LiNi0.3Co0.7O2 layered material was

prepared by the glycine-assisted combustion method [37]. The carboxylic acid groups

(–COOH–) that forms viscous resins act as a fuel during the crystallization process at

lower temperature T< 250 �C providing nanostructured particles. Chitra et al. [13]

have developed a new combustion method using urea as a fuel for the synthesis of

spinel LiMn2O4. Nanopowders were formed around 500 �C have spherical shape

(Fig. 12.3b) with nearly pore-free state and high surface area (SBET� 13 cm2 g�1). A

modified combustion synthesis, namely PVA-gel method using a solution metal

nitrates containing polyvinyl alcohol (PVA) has been proposed to prepare nanostruc-

tured LiMn2O4 with loosely agglomerated spherical 30-nm sized particles [38].

12.2.1.6 Pyrolysis Method

Pyrolysismethod, otherwisewet-chemical reaction succinic acid assisted, consists of
ignition of a resin that removes the organic portion, leading the selected composition

of mixed oxides chemically combined. This method with proper amount of chelating

agent results in much lower calcination temperature and shorter time of calcinations

and mechanically-grinding for producing single-phased nanomaterials compared

with other processes. It has been found that the bulk quantities of submicron-sized

particles can be obtained at a modest temperature as low as 300 �C, with the highest
level of phase purity. This technique describes a simple solution mixing procedure

Fig. 12.3 Micrographs of (a) inverse spinel LiNiVO4 synthesized by the glycine-assisted com-

bustion method. (b) LiMn2O4 spinel nanopowders prepared by combustion method using urea as

a fuel
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[39, 40]. For example, in the succinic-assisted process of LiNi0.5Co0.5O2 the ignition

occurs at 277 �C compared to 296 and 315 �C for the sol–gel and combustionmethod,

respectively [14]. The pyrolysis method consists of metal acetates dissolved in a

methanolic aqueous solution mixed with a solution of succinic acid. Care was

exercised in adjusting the concentration of the complexing agent by controlling the

pH of the mixed solution that forms an extremely viscous paste-like substance upon

slow evaporation ofmethanol and acetic acid. The (COOH)2 carboxylic groups of the

succinic acid form chemical bonds with the metal ions in developing an extremely

viscous paste-like substance upon slow evaporation of methanol and acetic acid. The

paste was further dried at 120 �C to obtain the dried precursor mass. The precursor

decomposition resulted in a huge exothermic reaction as exemplified by the com-

bustion of organic species present in the precursor mass. In the case of

LiNi0.5Co0.5O2, this exothermic process yielding a brownish black colored powder

enhances the oxidation reaction and onsets the phase formation of the crystalline

phase. In the case of the pyrolysis synthesis of nanocrystalline LiFePO4 the pH of the

solution with succinic acid was adjusted, ranging between 5.0 and 5.5 using liquid

NH3 because weak acid or neutral or weak basic precursor solutions are preferable to

obtain single phase LiFePO4 [41] and strong basic condition should be avoided to

prepare LiFePO4 without impurity phase [42].

12.2.2 Template Synthesis

Ordered nanostructured materials were prepare by the template technique. This

method consists of a thermal decomposition of the sol–gel precursor within the

pores of a membrane. The template is dipped into the sol for 10 min and taken out

for heating at T> 400 �C resulting in the formation of nanomaterial within the

template pores. Different types of template have been widely investigated such as

anodic aluminum oxides (AAO), porous polymer and nano-channel glass templates.

The final nano-specimens are obtained by dissolution the template composites in

6 mol L�1 NaOH solution. The template method with porous membranes of AAO has

been successfully used to prepare nanotubes. Li et al. [43] reported the template

synthesis of LiCoO2, LiMn2O4, and LiNi0.8Co0.2O2 nanotubes by heat treatment at

500 �C for 8 h in air. Zhou et al. [44] prepared high-ordered LiMn2O4 nanowire arrays

by AAO template from a polymeric matrix formed bymixture of metal acetates as the

cationic sources and citric acid and ethylene glycol as themonomers. The as-produced

nanowires were uniformly distributed and had a diameter of around 100 nm.

12.2.3 Spray-Pyrolysis Method

Spray-pyrolysismethod is a usefulmethod for the synthesis of high purity, narrow size

distribution, homogeneous composition of oxide particles with spherical morphology.
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The schematic diagram of the experimental apparatus is presented in Fig. 12.4. This

setup is divided into three parts such as droplet generator, pyrolysis reactor, and

particle collector. The droplet generator consists of an ultrasonic nebulizer, a peristal-

tic pump for supplying the precursor solution and thermostat circulation parts. The

pyrolysis reactor tube is formed by putting a quartz tube (186 cm length) into a

horizontal furnace, which is divided into five heating zones. Taniguchi et al. [45]

reported that spherical spinel LiMn2O4 powders could be synthesized using this

method by varying gas flow rates and temperature profiles in the reactor. The

crystallite size was approximately 30 nm and the specific area of the particles ranges

from 5.7 top 12.7 m2 g�1. Li[Ni1/3Mn1/3Co1/3]O2 was prepared by a two-step synthe-

sis: firstly the precursor [Ni1/3Mn1/3Co1/3]O2 was prepared using the spray method

from an aqueous solution including hydratedmetal nitrates and citric acid (molar ratio

of total metal to citric acid fixed at 0.2) as a polymeric agent. The solution was

atomized using an ultrasonic nebulizer with a resonant frequency of 1.7 MHz. The

aerosol stream was introduced into the vertical quartz reactor heated at 500 �C. The
flow rate of air used as a carrier gas was 10 Lmin�1. The final products were obtained

by mixing the precursor with excess amount of LiOH
H2O followed by calcination at

900 �C. The powders consisted of polycrystalline aggregates (~500 nm) composed of

50-nm primary particles [46]. In the spray-drying method, dried particles with a

desired diameter are instantly obtained by controlling the diameter of the spray nozzle.

LiNi1/3Mn1/3Co1/3O2 was synthesized by mixing the aqueous solution of metal

nitrates and succinic acid using an atomizing nozzle in combination with compressed

air. The liquid is deposited at a rate of 100mlmin�1 and the spraying is carried out at a

pressure of 2 MPa in the reactor maintained at 220 �C [47].
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Fig 12.4 Schematic diagram of the experimental apparatus for ultrasonic spray pyrolysis synthe-

sis. Reproduced with permission from [45]. Copyright 2002 Elsevier
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12.2.4 Hydrothermal Method

Since more than one century, hydrothermal synthesis was clearly identified as an

important technology for preparation of nanometer-sized particles than can be

quenched to form nanoparticle powder, or cross linked to produce nanocrystalline

structures [48, 49]. Among the various synthesis approaches pursued in the fabrica-

tion of electrode materials for Li-ion batteries, the hydrothermal route is particularly

successful with respect to controlling the chemical composition, crystallite size, and

particle shape. Hydrothermal synthesis (HTS) is a process that utilizes single or

heterogeneous phase reactions in aqueousmedia at elevated temperature (T> 25 �C)
and pressure ( p> 100 kPa) to crystallize ceramic materials directly from solution

[50]. HTS takes place in a wide variety of liquid media: aqueous- and solvent-based

systems. HTS offers other advantages over conventional ceramic methods. All

forms of nanoscale materials can be prepared, namely nanopowders [51], nanofibers

[52], nanobelts [53], nanoplates [54], nanowires [55], nanorods [56], nanovesicles

[57], etc. The use of inexpensive, environmentally benign water as a solvent offers a

“green” manufacturing approach for large-scale production of Li(Fe,Mn)PO4/C

cathodes for high-power hybrid electric vehicle and plug-in hybrid electric vehicle

applications. Further energy-consuming processing steps are reduced such as longer

time high temperature calcination. HTS eliminates the formation of agglomerates

and produces nanoparticles with narrow particle size distribution. Precise well-

defined powder morphology can be also significant. Another merit is that the purity

of hydrothermally prepared powders significantly exceeds the purity of the starting

substances because the hydrothermal crystallization is a self-purifying process that

rejects impurities. However, the conventional hydrothermal process involves a

longer reaction time. For instance, it is 5–12 h to synthesize LiFePO4 [58–60]. In

this regard, microwave-assisted synthesis approaches will be appealing because they

can shorten the reaction time to a few minutes with significant energy savings. The

one-pot synthesis was developed for preparing LiMPO4/C (M¼Mn, Fe, Co)

nanocomposites by a microwave assisted hydrothermal process involving hydro-

thermal carbonization of glucose [61]. Recently, Beninati et al. [62] and Wang

et al. [63] reported the synthesis of LiFePO4 by irradiating the solid-state raw

materials with carbon in a domestic microwave oven. An in situ coating of carbon

on LiFePO4 was attempted during the MW-HT process, employing glucose as the

carbon source. An aqueous solution of LiOH, H3PO4, and glucose was first stirred

for a few minutes. An aqueous solution of the sulfates of Mn2+, Fe2+, or Co2+ was

then added to this mixture so that the Li:M:P molar ratio was 3:1:1 and the M2+ to

glucose molar ratio was 2:1, which resulted in a carbon content of 5 wt% in the final

product. Although, the synthesis of transition-metal oxides or olivine phosphates

requests a careful control of the pH of the solution. Reaction mixtures are acidic for

M¼Mn (pH¼ 6.1) and Fe (pH¼ 6.7), while they are kept basic (pH¼ 9.9) for

M¼Co by adding ammonium hydroxide. Because cobalt phosphate hydrate without

lithium is known to be formed under acidic conditions forM¼Co, a basic condition

was employed to obtain LiCoPO4 [64]. During the synthesis of LiFePO4, the pH
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value of the reaction precursor solution was measured before and after hydrothermal

synthesis. Supercritical hydrothermal synthesis introduces organic ligands (amino

acids, carboxylic acids, or alcohols) into supercritical hydrothermal conditions, in

which the water is in a state above the critical temperature (374 �C) and pressure

(22.1 MPa). Because the drastic change in density, the solubility is greatly enhanced

and phase behavior changes largely around the critical point. Consequently particle

size is in the range from 2.5 to 10 nm and particle size dispersion is extremely

narrow. Crystal shape can be controlled by changing concentration of organic

modifiers such as nanosphere and nanocube [64]. Numerous investigations have

been devoted to synthesize electrode materials for Li-ion batteries such as LiFePO4

[65], LiMn2O4 [66], LiCoO2 [67], and Li4Ti5O12 [68].

LiFePO4-C cathode materials were prepared by hydrothermal synthesis

assisted by rotating/stirring tests at different agitation speeds (Fig. 12.5) [69]. The

hydrothermal processes were carried out at 190 �C for 12 h with a solution chemistry

of LiOH·H2O, FeSO4 · 7H2O, H3PO4 (85 wt%), and ascorbic acid (as reducing

agent) in the stoichiometry 3Li:1Fe:1P:0.2C. Annealing was done at 700 �C under

nitrogen atmosphere using lactose as carbon coating source. The LiFePO4-C elec-

trodes prepared by employing agitation during hydrothermal synthesis were found to

exhibit higher discharge capacities (137.6 mAh g�1 at C/12) than those prepared

without agitation (106.2 mAh g�1). This was equally true for higher current rates,

namely C/5 and C/3. Via a series of tests at different speeds (260–1150 rpm) and

different concentrations (0.4, 0.5, 0.6 mol dm�3) the optimum solution rotating

agitation/concentration conditions were determined to be 260–380 rpm and

0.5 mol dm�3, respectively. Under these conditions LiFePO4-C materials with

excellent capacity retention (~130 mAh g�1 at coulombic efficiency >99 %), and

better cycling stability at high current rates (1C) were obtained. The improved

performance of the LiFePO4-C material obtained by controlled rotating
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LiFePO4      
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+3H2O

Nano LiFePO4 C-LiFePO4
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Fig. 12.5 Schematic picture of synthesis procedure of LFP particles using a stirring hydrothermal

method
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agitation-hydrothermal solution synthesis is attributed to production of less

aggregated particles with high surface area and less impurity. Hence, the controlled

rotating agitation solution synthesis method provides a scalable and eco-friendly

way in producing better performing cathode particles for use in Li-ion batteries [69].

12.2.5 Jet Milling

Micronization of materials is a common process in many aspects of manufacturing

pharmaceuticals, toners, ceramics, cosmetics, and paints. The principle of

micronization by jet milling is the collision of particles within a fast gas jet. The

processes responsible for size reduction and separation within the milling chamber

were investigated intensively in the 1960s by Rumpf and Kuerten [70]. Although

much is known on the particle size reduction of hard and crystalline materials, the

jet milling is a grinding process of using highly compressed air or other gases,

usually in a vortex motion, to impact fine particles against each other in a chamber

[71–74]. This technique involves a grinding energy created by gas streams from

horizontal grinding air nozzles, whose main interest is the very low pollution of

ground powders. It allows the production of very fine powders with relatively hard

materials. The principle is as follows. The sample material is sucked into a grinding

chamber. Jets of compressed air or another inert gas accelerate the particles which

collide in an area of maximum turbulence. The powders are then recovered by

cyclone systems. This technique has some advantages: small particle size, particle

spherical and uniform, grinding materials temperature-sensitive, low pollution of

ground powders, tight particle size control, large and small batch quantities, easy

cleaning and maintenance of the mill (Fig. 12.6).
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Fig. 12.6 Synthesis from molten ingot. Nanopowders are obtained using crusher ceramic liner

and jet milling
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LiFePO4 (LFP) nanoparticles have been obtained by grinding ingot synthesized

in the molten state (Fig. 12.6). This process, followed by jet milling, and then wet

milling, provides a simple way to obtain powders withmonitored size of the particles

in the whole range from macroscopic to 25 nm, although at this stage, we find that

these particles tend to segregate to form secondary particles of size ~100 nm

[75]. The synthesis procedure was as follows. First, the ingot obtained by heating

a mixture FePO4
2H2O and Li2CO3 at 1050
�C for 5 min and cooled in Ar atmo-

sphere. Then the ingot was crashed into centimeter-sized particles by using a

jaw-crusher with ceramic liner to avoid metal contamination. The third process

used a roll crusher (ceramic type) to obtain millimeter-sized particles. The

millimeter-sized particles are further ground by using jet-mill to achieve

micrometer-sized particles. In the process, the grains enter the grading wheel and

are blasted to cyclone separator and collector. The smallest particle size (25 nm) was

reached by jet milling of microsized particles dispersed in isopropyl alcohol (IPA)

solution at 15 % of solid concentration and ground on a bead mill using 0.2 mm

zironial’s beads. Finally the carbon-coating was realized by mixing nanoparticles

with carbon precursor (lactose) in acetone solution after drying, the blend is heated

at 700 �C for 45 h in neutral atmosphere [75]. Core–shell nanostructured xLi2MnO3

(1�x)LiMO2 (M¼Ni, Co, Mn) composite cathode materials were synthesized

through a simple solid-state reaction using a mechanochemical ball-milling process

[76]. TEM analysis shows primary particles smaller (<100 nm) than of the starting

material because the low temperature synthesis (~400 �C) of the Li2MnO3 powders.

12.3 The Disordered Surface Layer

12.3.1 General Considerations

The increase of rate capability of cathodematerials (for use in hybrid electric vehicles

for instance) could be achieved by decreasing as much as possible the size of the

particles to improve the effective surface that is active for electrochemical reactions.

In addition, smaller size means reduced path for the electrons and the Li+ ions inside

the particles. Since the electronic and ionic conductivity are small [30], this reduction

is expected to benefit the performance, especially at high C-rates. The experimental

results, however, are not as simple as onemight have expected, because the reduction

in size implies that surface effects becomemore important, and the surface layer does

not necessarily have the same properties as the bulk, with important impact on the

electrochemical properties. The bulk properties (i.e., physical and chemical proper-

ties big enough so that surface effects are negligible) are nowwell understood. That is

not the case, yet, for surface effects that are still under debate.

Several experiments have evidenced the existence of a disordered layer (DSL) at

the surface of particles of oxide, typically few nanometers that modified the intrinsic

properties of electrode material for Li-ion batteries [77–83]. Yet attention must be
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paid to the quality of the surface, especially as the importance of the surface-to-

volume ratio increases for nanomaterials, in order to prevent the surface from acting

as a barrier to transfer of lithium ions and/or electrons during the charging and

discharging of lithium batteries. Figure 12.7 depicts a simple model of the shell–core

volume ratio, RSC, for a 5-nm thick surface layer: in the case of a big enough particle

(0.5 μm diameter) RSC¼ 3 %, while it becomes 49 % for a nanoparticle (25 nm

diameter). In this context, it is obvious that the nanoparticle behaves differently than

the big one. Aurbach et al. [84] have suggested that the capacity retention of a

cathode active material is strongly dependent on the surface chemistry of the

particles of the insertion material, which are always covered by surface films

limiting the Li-ion migration and their charge transfer across the active interface.

To illustrate this complex situation, let see the case of olivine material. In

particular, the phase diagram of LixFePO4 shows that the solid solution is unstable

at room temperature for big particles (say, particles of size d	 100 nm). As a

consequence, a rapid demixing occurs upon cooling, and we are left with two

phases, namely Li1�αFePO4 and LiβFePO4, where α, β denote the width of the

single-phase regions [85]. Yet these parameters are small for large particles, say of

diameter d� 100 nm, in which case, in first approximation, the lithiation–

delithiation process involves xLiFePO4 + (1�x)FePO4 and not LixFePO4 solid

solutions. This separation, which takes its origin in Coulomb correlation [86], has

an important impact on electrochemical properties, since it results in the plateau

Li0/Li+ voltage vs. x at 3.4 V. However, upon decreasing the size of the particles,

experiments reported in the literature show that the plateau is shrinking, which has

been interpreted as the sign that the miscibility gap decreases with d. This has been
confirmed by Gibot et al. [87] according to which the voltage plateau is no longer

observed in particles with d� 40 nm. Amorphizationn of the particle was observed

upon cycling for crystallite size in the range d� 100 nm, which has been interpreted

in terms of nucleation limited phase transition pathways [88]. This amorphization,

however, has not been observed in particles of size d� 100 nm, in which case well

crystallized LiFePO4 and FePO4 domains have been observed at any stage of

lithiation/delithiation process [89].

5 nm
layer

= 3%

25 nm nano-particle

V

ΔV

500 nm micro-particle

= 49%
V

ΔV

Fig. 12.7 Schematic representation of the simple core–shell model for description of the impor-

tance of the disordered surface layer in nanoparticle
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High-resolution transmission electronic microscope (HRTEM) image (Fig. 12.8)

shows that a surface layer of about 2-nm thick is strongly disordered, but not

amorphous [77]. Note that the core of the particles below the surface has a size

that is the same as the coherence length deduced from the XRD analysis. Therefore,

the particles are crystallites surrounded by a disordered surface layer. The HRTEM

image after carbon coating shows the same particle, now covered with a 3-nm thick

carbon layer, and a less-disordered surface layer. It is now possible to investigate

the role of the carbon coating by comparison of the physical and chemical proper-

ties between the LiFePO4 particles before and after carbon coating [80]. Since the

surface layer is only about 3 nm wide and not well ordered, however, XRD

experiments are not sensitive to the surface layer. The investigation of the magnetic

properties is a good strategy for this purpose, since iron is a magnetic ion. In the

bulk, iron is known to be in the Fe2+ high spin state and thus carries the spin S¼ 5/2

(the orbital momentum is quenched by the crystal field and is thus negligible). The

magnetic properties associated to the spin of a given iron ion are quite sensitive to

its local environment. That is why they can be used as a probe of any defect or

impurity in its vicinity. This strategy was successful for the bulk [5], but also for the

surface [77], with which we are concerned hereunder.

12.3.2 DSL of LiFePO4 Nanoparticles

The preparation and characterization of nanoparticles of LiFePO4 is then of primary

importance, in as much as their structural properties may depend on their size.

Fig. 12.8 HRTEM image

showing the disordered

surface layer for an

as-prepared LiFePO4

particle
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LiFePO4 particles of sizes in the range 30–40 nm have been prepared by jet-milling

route with carbon coating for optimization of the electrochemical performance

[75]. The XRD pattern of 25-nm sized nanoparticles is shown in Fig. 12.9 with

the spectrum of particle of 2 μm for comparison. The local structure was studied by

FTIR spectroscopy of the samples obtained just after roll, jet and wet milling as

shown in Fig. 12.10. The positions of the intrinsic bands in the spectra of LiFePO4

are well known: the bands in the range 372–647 cm�1 are bending modes (ν2 and
ν4) involving (PO4)

3� symmetric and asymmetric modes and Li vibrations, while

the part of the spectrum in the range 945–1139 cm�1 corresponds to the stretching

modes of the (PO4)
3� units. They involve symmetric and asymmetric modes of the

P–O bonds at frequencies closely related to those of the free molecule. There is a

band broadening as d increases: the most resolved spectra are observed in the

wet-milled case. The broadening is the signature to a shorter lifetime of the

vibration modes due to solid friction associated to defects. The more resolved

spectrum observed for smaller values of d is then attributable to the fact that smaller

particles have less structural defects such as grain boundaries in the vicinity of

which the lattice is less ordered (in the limit of nanoparticles d¼ 25 nm, the

particles are also crystallites (d� l ), and thus without any structural defect in

the bulk of the particles). The only disorder for such small particles is located in

the surface layer, inside which the iron ions are in the Fe3+ low spin (S¼ 1/2)

configuration. The disorder is found to have dramatic effects on the electrochemical

properties as it stabilizes the solid solution inside the passivation layer. This

disorder is strongly reduced by the carbon coating at 750 �C, which switches the
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Fe3+ ions in the surface layer to the high spin (S¼ 5/2) configuration, and restores

the plateau of the voltage vs. capacity. The results are discussed in the context of the

controversy on the shrinking of the miscibility gap upon decreasing the size of the

particles to the nanoscale.

For nanoparticles, the fraction (1� y) of iron ions in the surface layer is not

negligible, and we found that this contribution is different from that of the bulk that

was investigated by magnetic measurements [80]. The response of the magnetic

moments of the iron ions is thus different for the ions in the bulk and the ions in the

surface layer. Therefore, one has to add to the bulk contribution to the magnetic

susceptibility the contribution coming from the iron ions inside the surface layer

(Fig. 12.11). We found that this contribution satisfies the Curie law, so that χ(T )
takes the form:

χ Tð Þ ¼ y
C0

T þ θ0
þ 1� yð ÞC

0

T
; ð12:3Þ

for T	 100 K. There are two fitting parameters, the fraction y of iron ions in the

bulk, and C0. We have shown that the solution for the set (y, C0) is unique, and for

particles with diameter 40 nm, it is [75]:

Fig 12.10 FTIR absorption spectra of molten-state samples at different stages of the grinding

process (before carbon coating): roll mill, jet mill cyclone, and jet mill collector
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y ¼ 0:89, C
0 ¼ 0:37 emu K mol�1: ð12:4Þ

It should be noticed that the contribution of the core region to the magnetic

susceptibility reduced to the Curie–Weiss expression only in the paramagnetic

regime. On the other hand, the absence of spin correlations evidenced by the Curie

law implies that, at any temperature, including below the Néel temperature TN:

χ Tð Þ � χbulk Tð Þ ¼ 1� yð ÞC
0

T
,8T; ð12:5Þ

which has been verified [75]. This behavior at low temperature allows us to

distinguish between the increase of the effective moment due to the magnetic

polarons (investigated in the previous section) and surface effects, since the

polarons care spin-frozen at low temperature and do not give a Curie contribution

to the susceptibility. The value of y is self-consistent with the ratio NS/NB, with NS

the number of iron ions in the 3-nm thick surface layer and NB the number of iron

ions in the core region of a spherical particle of 40 nm in diameter. The value of C0,
however, was not necessarily expected, as it corresponds to a spin S¼ 1/2, implying

that iron in the surface layer of uncoated particles is Fe3+ in the low spin state. On

this example, the magnetic properties of uncoated particles have revealed important

properties. First of all, the iron in the surface layer is trivalent. A significant amount

of Fe3+ is systematically detected in LiFePO4 by M€ossbauer experiments although

they do not give any information on their location [5]. The magnetic properties are

Fig. 12.11 Magnetic susceptibility of LiFePO4. The solid circles are the contribution of the core

region, and match the results observed for particles without surface effects. The open squares are
experimental data for the 40 nm sized particles before carbon coating. The difference is quanti-

tatively fit by the second term in Eq. (12.3)
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the first evidence that these Fe3+ ions are localized in the surface layer. In addition,

the analysis of χ(T ) has shown that the Fe3+ ions are uncorrelated, since there

contribution is a Curie law C0/T with vanishing Curie–Weiss temperature (at least

down to 10 K). This is the evidence for important frustration of the magnetic

interactions in the surface layer: the decorrelation of the magnetic spins is the

translation on the magnetic properties of the structural disorder that affects the

surface layer. Finally, the Fe3+ ions are in the low-spin state. Remember that a free

ion, i.e., ion not submitted to the crystal field, is always in the high spin state due to

the Hund’s rule. The low spin state is then signature that the crystal field is big

enough to break the Hund’s rule. This is another signature of an important structural

disorder that enhances crystal-field effects in the surface layer. The fact that the iron

ions are in the trivalent state means that the surface layer has been delithiated.

After carbon coating, the magnetic response of the coated particles is closer to

the result predicted for intrinsic LiFePO4 with, however, an effective moment 5.02

μB still slightly larger than the theoretical value 4.90 μB. Since Fe
3+ in the high-spin

state is 5/2, its effective moment is 5.92, and we note that:

y 4:9ð Þ2 þ 1� yð Þ 5:92ð Þ2 ¼ 5:02ð Þ2; ð12:6Þ

which means that the excess in magnetic moment with respect to the theoretical

value is entirely attributable to the conversion of Fe3+(S¼ 1/2) in Fe3+(S¼ 5/2)

in the surface layer. This is actually the “normal” state for iron in the surface layer.

In particular, we have shown that exposure to moisture, even for short period of

time, oxidizes the iron at the surface, with the consequence that iron is in the

Fe3+(S¼ 5/2) in the surface layer. Note that the study of the degradation of the

particles upon exposure to moisture has shown that the surface layer is completely

delithiated very fast, but after that, no further delithiation is observed at the scale of

few days because the FePO4 surface layer is waterproof and protects the core

[78]. The same magnetic analysis has been performed on lamellar compounds,

and they have shown that the exposure to moisture induces a delithiation over a

thickness of 10 nm in that case [81], larger than the 3 nm in LiFePO4, so that the

lamellar compounds are more sensitive to moisture than olive samples.

12.3.3 DSL of LiMO2 Layered Compounds

Actually, not even the transition-metal oxides, but also carbon coating is efficient to

improve the cycle life of Li-ion batteries with LiN1/3Mn1/3Co1/3O2 (NMC) and

LiCoO2 (LCO) as well. Even a simple heating in presence of an organic compound

is sufficient because it has an annealing effect that re-crystallizes the surface layer

that is otherwise disordered. The surface of NMC particles were studied for material

synthesized at 900 �C by a two-step process from a mixture of LiOH
H2O and metal

oxalate [(Ni1/3Co1/3Mn1/3)C2O4] obtained by co-precipitation [82]. The effect of the
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heat treatment at 600 �C with organic substances, such as sucrose and starch,

investigated by HRTEM images and Raman spectra, indicate that the surface of

particles has been modified. The annealing process does not lead to any carbon

coating but it leads to the crystallization of the thin disordered layer on the surface of

NMC. The analysis of the HRTEM images (Fig. 12.12) gives evidence that the

surface of the particles have been modified by the calcination at 600 �C. Before
carbon treatment, we observe the presence of an amorphous-like layer, typically

2.5-nm thick that covers the NMC particle. In the micrograph, this surface layer

appears as a greyish region at the edge of NMC crystallites, while the core of the

primary particle is the dark region. After the heat-treatment at moderate temperature

with an organic substance such as sucrose or starch, we observe the disappearance of

disordered layer. Thus the edge of the particle displays well-defined election dif-

fraction patterns (insert of Fig. 12.12). The beneficial effect has been tested on the

electrochemical properties of the NMC cathode materials in half lithium cell. For

rate performance comparison, the modified Peukert plots, i.e., the specific capacity

vs. C-rate, are shown in Fig. 12.13. A capacity 107 mAh g�1 is delivered in the

voltage range 2.5–4.2 V at 10C rate from the cell with surface-modified NMC, while

it is only 81 mAh g�1 with the non-treated NMC electrode at the same C-rate.
The effect of H2O on NMC in humid atmosphere was investigated by structural,

magnetic and electrochemical analysis on LiNi1/3Mn1/3Co1/3O2 (NMC) compounds

synthesized by the co-precipitation method [81]. The consequence is that immer-

sion of NMC to H2O and exposure of NMC to humid atmosphere led to a rapid

attack that manifests itself by the delithiation of the surface layer of the particles.

This aging process occurred during the first few minutes, then it is saturated, and the

thickness of the surface layer at saturation is 10 nm. The quantitative analysis of the

Raman spectrum of NMC samples was reported in ref. [81]. Upon exposure to

ambient atmosphere for 1 day, the spectrum of the same sample shows three

Fig. 12.12 TEM images of NMC powders showing the surface modification of 250-nm sized

particle. Images (a) and (b) display the HRTEM features of NMC powders for as-grown and heat

treated sample with sucrose at 600 �C for 30 min in air, respectively. Reproduced with permission

from [82]. Copyright 2011 Elsevier
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additional bands that are characteristic of LiOH, and another band characteristic of

CO3 molecular unit, which confirms the presence of Li2CO3 in addition of the

lithium hydroxide. The general trend in intercalation compounds is recovered,

whether they are lamellar or not, according to which the reaction of lithium with

H2O at the surface results in the delithiation of the surface layer, the lithium

involved in the process forming LiOH and Li2CO3 at the surface. The degradation

of the surface of LiNi1/3Mn1/3Co1/3O2 affects the electrochemical properties of the

material as a cathode element. After aging, an initial discharge capacity of

139 mAh g�1 was delivered at 1C-rate in the cutoff voltage of 3.0–4.3 V. About

95 % of its initial capacity was retained after 30 cycles.

12.4 Electrochemical Properties of Nanoparticles

In this section, first we present the effect of surface modification by carbon coating of

LiFePO4 nanoparticles and secondly the comparison between energy- and power-

grade LFPmaterials. Figure 12.14 shows the typical charge–discharge voltage profile

of the LiFePO4 cathodematerial investigated here before carbon coating (a) and after

carbon-coating (b), using LFP/LiPF6-EC-DEC/Li cell. The test was performed

galvanostatically at charge–discharge rate C/24 that is very slow, to insure that

equilibrium has been reached. The voltage range is 2.2–4.0 V vs. Li0/Li+. The

charge–discharge profile appears with the typical voltage plateau (at ca. 3.45 V

vs. Li0/Li+) attributed to the two-phase reaction FePO4-LiFePO4 system. However,

the plateau has been shrunk, especially on the side of low Li concentrations (charged

state). However, after carbon-coating, the full width of the plateau has been

Fig. 12.13 Modified

Peukert plots of Li//NMC

coin cells for the as-grown

and the surface modified

NMC cathode material.

Reproduced with

permission from [82].

Copyright 2011 Elsevier
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recovered. The carbon-coated material exhibits a reversible capacity 160 mAh g�1

that amounts to a utilization efficiency of 94 %. Zaghib et al. [77] shed light on the

conflicting results found by different groups on the phase diagram and electrochem-

ical properties of LiFePO4 particles of size d� 40 nm. Degraded electrochemical

properties and slope in the charge–discharge profile are due to the stabilization of the

solid solution, in the region of the particle where a sever disorder exists. With

the synthesis process we have used, in the present work, this region is limited to the

surface layer only, before carbon-coating. On the other hand, the treatment associated

to the carbon-coating cures this disorder, so that we have obtained particles well

crystallized and free from impurity and defect. For such particles, we find, in

agreement with theoretical models that the small size of the particles has notmodified

significantly the electrochemical properties of material. Since in addition, the aggre-

gation of the particles is small and the dispersion of the particles is small, this

synthesis process opens the route to the preparation of nano-structured particles of

LiFePO4 for use as the active element in future Li-ion batteries with high power.

Figure 12.15 displays the SEM images of two types of LFP particles: LFP

synthesized by solid-state reaction via the polymer-precursor method showing par-

ticles of 2–5 μm size and LFP synthesized by hydrothermalmethod showing particles

with an average size of 300 nm. Themodified Peukert plots are shown in Fig. 12.16. It

is remarkable that the power-grade powders 75 % of the initial capacity at 10C-rate.

12.5 Nanoscale Functional Materials

12.5.1 WO3 Nanocomposites

Tungsten trioxide is an n-type semiconductor which has found a great deal of

interest in several applications including electrochromic displays, smart windows,

Fig. 12.14 Charge–discharge voltage profile of LiFePO4 before (a) and after (b) carbon coating

cathode material using LFP/LiPF6-EC-DEC/Li cell at room temperature. The test was performed

galvanostatically at charge–discharge rate C/24
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gas detectors, and electrochemical capacitors. The optimal performance of the WO3

nanomaterials in the sensor devices depends on the electrical conductivity and

surface adsorption properties, which are closely related to the structure, morphol-

ogy and size of the particles. Ag-doped WO3 nanomaterials have been studied as

sensing element to detect relative humidity (RH) with an average sensitivity of

2.14 MW%RH in the 20–90 % range. The Ag:WO3 bronze was prepared by soft-

chemical route with 147-nm particle size [90]. WO3 nanomaterials were synthe-

sized via a sol–gel method and calcination for use as a CO gas sensor. The

sensitivity of WO3 sensor ships was determined by comparing the changes in

electrical resistance in the absence and presence of 50 ppm of CO gas at 200 �C
[91]. Nanocrystalline WO3 films prepared by gas evaporation show enhanced

gas-sensing properties; when doped with Al or Au, 5 ppm of H2S yielded a

conductance increase by ~250 times even at room temperature [92].

Fig. 12.15 SEM images of LiFePO4 powders. (a) Energy grade and (b) power grade powders

Fig. 12.16 Modified Peukert plots of LiFePO4 cathode materials as a function of the particle size:

(left) energy grade and (right) power grade powders
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Among materials for electrochromic display devices (ECDs), WO3 has attracted

the most attention, so far. It is well-known that better electrochromic reversibility

and relatively short response time depends on the structure and morphology of the

films. An attempt at surface modification of WO3 films and enhancement of the

diffusion rate of Li ions in an electrochromic device was realized using by incor-

porating nanoscopic silicon oxide particles into WO3�x-0.1TiO2 thin films prepared

by the sol–gel route, which exhibit increase of lifetime and stability. The sol–gel

solution with nano-sized SiO2 particles (40 nm) was spin-coated onto indium-tin-

oxide covered glass substrate [93]. The variation of the optical density of surface-

developed of WO3�x-0.1TiO2 thin films during coloring (E¼�2.5 V) and

bleaching (E¼ +1.5 V) was studied in lithium cell using nonaqueous electrolyte

of 1 mol L�1 LiClO4 in propylene carbonate. Saturation of the coloration is almost

reached after 1.5 s for the nanocomposite films, while pure WO3�x takes� 4 s. The

improvement of specific charge density from Q¼ 9.4–41 mC cm�2 observed for

pure and surface developed films could be explained as follows (1). The response

time is improved due to the extremely high surface area of the composite, leading to

the enhancement of ion insertion through the film–electrolyte interface (2). The

presence of SiO2 nanoparticle results a more open xerogel amorphous structure of

WO3�x films. This is the enhancement effect that has been observed in the ionic

conduction of LiI-Al2O3 composite [94].

12.5.2 WO3 Nanorods

The Li-driven electrochemical properties of monoclinic WO3 nanorods prepared by

a solution-base colloidal approach have been studied and the relationship between

the properties and the nano-structures of the materials has been established

[95]. WO3 nanorods with a high aspect ratio were found to yield an intercalation

capacity up to 1.12 Li per formula unit, much higher than the value of 0.78 Li for

bulk WO3. This can be explained on the basis of the unique rod-like structure that

effectively enhanced structure stability. The evolution of Li-driven reaction kinet-

ics further illustrated benefits of WO3 nanorods owing to the increased edge and

corner effects. WO3 nanorods were synthesis by using hydrothermal process with-

out any surfactants. The nanorod film deposited on ITO exhibits high

electrochromic stability and comparable color display, contrast, and coloration/

bleaching response. The maximum transmittance wave-lengths have obvious blue-

shifts and the transmittance intensities decrease with the increase of the applied

negative voltages within the spectra of 500–900 nm. The electrochromic device was

cycled more than 3000 cycles with a coloration/bleaching response of 8 s [96].
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12.5.3 WO3 Nanopowders and Nanofilms

Different forms of nanomaterials were synthesized for optical applications in

lithium-based devices. Mixed WO3–TiO2 oxides have been prepared from aqueous

solutions of tungstic acid and titanium isopropoxide in H2O2. Peroxopolytungstic

acids were obtained from pure tungstic acid whereas WO3
1/3H2O is formed in the

presence of TiVI. Three crystalline oxides are formed successively upon heating Ti

doped WO3
1/3H2O, namely h-WO3, o-WO3, and m-WO3. The intermediate meta-

stable o-WO3 phase has not been observed in the absence of titanium. The cathodic

behavior of these oxides shows that the discharge curves corresponding to the

electrochemical insertion of Li are noticeably different [97, 98]. In the course of

the preparation of WO3 by sol–gel technique, kinetics of its synthesis and the

structural changes were studied by in situ Raman spectroscopy during the transition

from colloidal solution to gel. The removal of water molecules affects the sym-

metric W¼O stretching mode. The Raman spectrum of a gelified sample shows

peaks attributed to the O-W-O bending mode and the disappearance of the high-

frequency mode attributed to polyanionic species. After 2 days the gelified sample

became a precipitated material, which exhibited the Raman spectrum of a crystal-

line tungsten oxide hydrate [99]. Another potential application of WO3 thin films is

in aerospace industry for infrared emissivity modulation and temperature control in

spacecraft [100]. WO3 500-nm thick films were fabricated by the pulsed-laser

deposition (PLD) technique. The compositional studies using X-ray photoelectron

spectroscopy and electron probe microanalysis (EPMA) measurements indicated

that the grown films were nearly stoichiometric with small amount of oxygen

vacancies. Figure 12.17a shows the bright field TEM image of the sample structure.

The morphology of the PLD WO3 films is characterized by the grains of 60–70 nm

in size and root-mean-square (rms) surface roughness value of 10 nm. HRTEM

image (Fig. 12.17b) confirms that the film consists of a well-crystallized WO3,

which is identified as the monoclinic phase [101].

Fig. 12.17 Electron micrographs of WO3 thin films. Image (a) is the bright field view of the

sample structure. The substrate, the WO3 thin film, and the epoxy regions are indicated in the

micrograph. Image (b) is the HRTEM image of the WO3 thin film with lattice fringes

corresponding to the monoclinic structure
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12.5.4 Li2MnO3 Rock-Salt Nano-structure

Among the lithium insertion oxides, Li2MnO3 is one of the most interesting

compounds from the point of view of its structure and electrochemical behavior

[102, 103]. Indeed, this oxide, in its microcrystalline form, is electrochemically

inactive for lithium insertion and extraction between 2.0 and 4.4 V; however it

delivers a high theoretical capacity of 460 mAh g�1 for total Li extraction.

Li2MnO3 (or alternatively Li[Li1/3Mn2/3]O2) has a rock-salt structure containing

layers of Li+ and Mn4+ cations between close-packed arrays of oxygen anions; all

the octahedral sites are occupied by cations. A layer of lithium ions and a mixed

layer of (1:2) lithium and manganese ions alternate between close-packed oxygen

layers (see the structural representation in Fig. 5.24). This compound is electro-

chemically inactive. Insertion of Li+ ions into a stoichiometric rock-salt phase is not

possible because all the octahedral sites are fully occupied. Li extraction is not

energetically feasible because all the manganese cations are tetravalent.

Nanoparticles (20–80 nm) of Li2MnO3 were synthesized using the self-combustion

reaction and studied the electrochemical activity of electrodes prepared from this

nano-material at 30, 45, and 60 �C [103]. It was shown that the first Li-extraction

from nano-Li2MnO3 occurs at much lower potentials (by 180–360 mV) in compar-

ison with micron-sized Li2MnO3 electrodes. This can be associated with the higher

surface-to-volume ratio, much shorter the diffusion path and the increased surface

concentration of the electrochemically active sites. Figure 12.18 shows a compar-

ison of the XRD patterns from the nano-sized Li2MnO3 material with that obtained

from the micron-sized Li2MnO3 material. The nano-sized material is characterized

by significant broadening of the peaks.

On the basis of magnetic susceptibility studies of nano-Li2MnO3 we proposed a

model of disordered surface layer, containing Mn3+ or Mn2+ ions, both at low spin

state, at the surface of these nanoparticles. From the results of structural analysis

Fig. 12.18 The XRD

patterns of nano-sized

Li2MnO3 (upper curve)
compared with micron-

sized material (lower
curve). Two peaks marked

by arrows at 2θ¼ 30.5 and

31.6� belong to Li2CO3

impurity that can be formed

during the synthesis due to

some excess of the lithium
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(by X-ray and electron diffraction and vibrational Raman spectroscopy) of

galvanostatically cycled nano-Li2MnO3 electrodes in Li-cells we came to a con-

clusion of partial transition of layered LiMnO2 to spinel-type ordering during

delithiation/lithiation. This was confirmed also by analysis of Raman spectroscopy

of these materials that demonstrated a strong blue-shift of the main Raman band

(A1g mode) attributed to formation of the spinel-type structural ordering.

12.5.5 Aluminum Doping Effect in NCA Materials

Aluminum doped LiNiyCo1 - yO2 (NCA) oxides prepared by wet-chemical method

from citrate precursor displays a nano-structured phase. The influence of Al doping

on particle size and morphologies is clearly evidenced in Fig. 12.19. The net result

of incorporation of a small amount of 0.05 mol% Al is the decrease of the grain size

from 300 nm for LiNi0.7Co0.3O2 to 80 nm for LiNi0.70Co0.25Al0.05O2. In addition

the particle size distribution is narrow. XRD patterns show that the doped sample

belongs to the LiNiO2-LiCoO2-LiAlO2 solid solution and has the layered rhombo-

hedral structure (R3m S.G.).

The charge–discharge profiles of Li//LiNi0.70Co0.25Al0.05O2 and Li//LiCoO2

cells in the potential range 2.5–4.3 V are shown in Fig. 12.19. Replacing a small

amount of Co demonstrates higher capacity retention compared with LiCoO2

electrode (�50 mV) At cutoff voltage of 4.3 V (Δx¼ 0.72), the specific capacity

delivered by the Li//LixNi0.6Co0.35Al0.05O2 cell is ca. 195 mAh g�1, which is a

larger value than the Li//LixCoO2 system with Δx¼ 0.5. Due to the nanosized

particle the capacity retention is less than NCA materials with y¼ 0.7. The trends

for the Al3+-doped materials show that lower capacities were obtained with an

increase in y(Al) because Al3+ cation cannot be oxidized, so it is an

Fig. 12.19 First charge–

discharge curve of the Li//

LiNi0.70Co0.25Al0.05O2 cell

compared with the voltage-

composition profile of Li//

LiCoO2. The insert shows

the SEM image of NCA

powders
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electrochemically inactive element. Long life electrochemical data showed that

the cell using LiNi0.70Co0.25Al0.05O2 powders performed slightly better than

the other ones. This means that for Al3+ doping, the optimum doping level

for gravimetric capacity and life cycle ability would be approximately y¼ 0.05.

No reason could be given for such a trend. However, the rechargeability of the

Li//LiNi0.70Co0.25Al0.05O2 cells seems better than LiCoO2 because the lack of the

two-phase behavior in the high voltage region (x� 0.5). In addition, the electronic

resistivity of the cathode material increases at the end of the charge, which is an

advantageous property for preventing overcharge. Thus safety appears to be better

with Al-doped LiNiyCo1� yO2 for fully charge state when Li ions cannot be

extracted from the host matrix because no electrons are removed from either Al+3

or Co4+ state [104, 105].

12.5.6 MnO2 Nanorods

As an important inorganic compound, MnO2 has been extensively used in many

fields including primary batteries, lithium batteries, water treatment,

supercapacitors, sensors, because its specific chemical structures and physical

properties. Attractive features for implementing MnO2 based materials for battery

applications is the low cost, and also a highly abundant transition metal compared

to for example cobalt, nickel, and vanadium. Hence, MnO2-type batteries are

attractive for energy storage applications like electric vehicles that require large

amounts of materials in the market [106]. Substituted MDO nanowires with various

elements, Cr, Al, Ni and Co, were prepared through the redox reactions of solid-

state precursors or ion-adduct precursors under hydrothermal or non-hydrothermal

condition. It was found that the partial replacement of Mn with transition-metal ions

could improve the electrode performance of 1D-nanostructured manganates

[107]. Nanosized pure, Ag-coated and doped manganese dioxides (MDO) were

prepared through a redox reaction between KMnO4 and fumaric acid. XRD analysis

showed cryptomelane crystal structure for pure, coated and doped α-phases. Chem-

ical analysis detected the presence of silver in doped and coated MDO. Scanning

electron microscope and energy-dispersive spectroscopy analyses confirmed the

presence of silver in doped and coated oxides. TEM images showed that the pure

MnO2 particles were synthesized in nanoscale with about 20 nm and agreed with

calculated value by Scherrer’s formula. From the representative TEM image

(Fig. 12.20a) doped-MnO2 sample has a rod-like shape. The average size of these

nanorods is about 25 nm in diameter and 90 nm in length. Magnetic measurements

showed reduction in Mn3+ ions in the crystal structure after coating and doping with

silver. The electrochemical performance showed that Ag-coated and doped MnO2

samples have better initial capacities than pristine MnO2. Ag-coated MnO2 material

12.5 Nanoscale Functional Materials 489



showed the best capacity retention upon cycling among all prepared MnO2 oxides,

i.e., 140 mAh g�1 after the 40th cycle at C/5 rate in the potential window 1.5–4.0 V

vs. Li0/Li+ [56, 108].

12.5.7 MoO3 Nanofibers

MoO3 nanofibers were synthesized by hydrothermal reaction from acidified ammo-

nium heptamolybdate tetrahydrate precursor (Fig. 12.21). Structural analysis shows

that MoO3 nanofibers 50–80 nm in diameter and a several micrometers in length are

crystallized with the α-form in the orthorhombic system (Pbnm S.G.). The compo-

sition MoO2.9975 was determined by Rietveld refinement and magnetic susceptibil-

ity measurements. The electrochemical performance of Li//MoO3 cells with

Fig. 12.20 TEM images of (a) Ag-coated and (b) Ag-doped nanorod-like MnO2 prepared by

redox reaction between KMnO4 and fumaric acid

Fig. 12.21 SEM images of (a) The intermediate compound was placed in the autoclave heated at

170 �C and (b) The nanofibers synthesized in the autoclave heated at 185 �C for 6 days
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nanofibers deliver a better discharge capacity after 40 cycles than MoO3 bulk.

Nanofibers show a specific capacity 265 mAh g�1 for the first discharge in the

potential range 3.5–1.5 V with Li uptake of 1.5 Li/Mo. Thus, the electrochemical

features of nanofibers are characteristic of a two-phase domain similar to that of

bulk α-MoO3. However, we notice that, as expected, the discharge curve exhibits

larger cell polarization for high C-rate, i.e., about 0.6 V at 2C. Structural evolution
of this domain corresponds to a solid solution involving Li0.08MoO3 and Li0.2MoO3

(called α0-MoO3). The evolution of the local structure of cathode materials during

the first discharge has been studied by Raman spectroscopy. Results describe that

the lithium insertion process consists in rather moderate local distortions allowing

the accommodation of 1.5 Li/mol of oxide without breaking of the orthorhombic

symmetry [109].

12.6 Concluding Remarks

One of the challenges in the field of rechargeable lithium-ion batteries is the use of

nanoparticles for cathode and anode materials. This in general should be considered

as favorable for achieving high rate capability, since solid-state Li-ion transport in

the bulk materials may be the rate-determining step for the entire intercalation–

deintercalation processes. The use of nanoparticles leads to reducing to minimum

the diffusion path for the electrons and the Li-ion transport, and to better accom-

modation of strain during Li+ extraction/insertion. Furthermore, since the electro-

chemical active surface area is inversely proportional to the particle size, the

electrodes comprising nanoparticles posses significantly larger surface area and

have more active sites for the electrochemical reactions. Hence for nanoparticles,

surface effects become more important than the bulk properties and they are still

under debate in the literature. In regard of the materials for positive electrodes in

lithium cells, it was demonstrated that the cathodes comprising nanoparticles of

LiMn0.5Ni0.5O2 and LiMn1.5Ni0.5O4 display faster kinetics than electrodes based on

micrometric-size particles. It was also shown that the electrodes prepared from the

spinel LiMn2O4 nanoparticles exhibited improved cycling performance, small

charge-transfer resistance at the electrode–solution interface, a reduced the Jahn–

Teller effect, and stabilization of the nano-LiMn2O4 cathodes in cycling at 60
�C. In

the case of nano-crystalline LiCoO2 electrodes, the increased values of the dis-

charge capacity were attributed to shorter diffusion distances that promote faster

and more uniform Li+ intercalation. The dramatic effect of the small grain-size

material (<20 nm) on increasing the electrochemical activity (capacity) has been

established recently for the lithium extraction/insertion reactions of LiCrO2 elec-

trodes. On the other hand, nanoparticles with a relatively high surface area may be

reactive with electrolyte solutions based on alkyl carbonate solvents and LiPF6
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(which unavoidably contain detrimental contaminants such as HF, trace water, PF5
and POF3). Possible reactions with solution species may develop undesirable

detrimental side reactions (especially on the high surface area particles) leading

to the passivation phenomena and high electrode impedance. In these systems, the

irreversible oxidation of alkyl carbonate solvents resulting in the evolution of CO2

accompanies the electrochemical processes at high anodic potentials. For more than

a decade, researchers have accumulated lots of information and reported numerous

papers on the synthesis of nanoparticles of the lithiated transition-metal oxides,

their magnetic properties, vibrational modes studied by infra-red and Raman

spectroscopy, and on the electrochemical performance of positive electrodes com-

prising nanoparticles of the active material in lithium cells. Based on the literature

reports in the field, it can be concluded that the possible use of nanomaterials in

electrodes for Li-ion batteries should be studied rigorously and specially for each

electrode material individually taking into account the balance between the pros

and cons. In regard of the Li2MnO3 nanoparticles, we realized that the literature

data on their characterization and electrochemical performance are scarce. It was

shown, for instance that the electrochemical behavior of the nanocrystalline

Li2MnO3 electrodes depends upon the particles morphology, specific surface

area, and annealing temperature of the as-prepared material. The authors synthe-

sized nano-Li2MnO3 by the solid-state reaction and studied the structural transfor-

mation of this material between layered LiMnO2 and cubic LiMn2O4 spinel-type

phases.
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Chapter 13

Experimental Techniques

13.1 Introduction

The incremental capacity of an insertion electrodematerial used in ambient temperature

batteries can be estimated from voltage spectroscopy measurements which can help to

the determination of phase diagram of the insertion compound [1]. In the first section,

we examine the various aspects of electrochemical lithium insertion into a number of

electrode materials. The experimental techniques of solid-state electrochemistry are

presented in the second section. Voltage spectroscopy and phase diagram during Li

intercalation into cathode materials are investigated. Finally, the experimental determi-

nation of the diffusion coefficient of ions in solid materials is investigated.

A large class of ambient temperature batteries involves electrode insertion

reaction, where a fraction (x) of foreign cations (Li+) together with compensating

electrons (e�) are incorporated into the lattice of a host electrode material

(H) forming a nonstoichiometric compound:

xLiþ þ xe� þ H $ LixH: ð13:1Þ

In case the reaction product bears a close structural relationship to the pristine

electrode (unreacted) material (H), this type of reaction is classified as

topochemical [2]. A special case of the topochemical process is the intercalation

or insertion reaction which proceeds without any breakage of bonds in the host

structure. This reaction (Eq. 13.1) is generally reversible.

13.2 Theory

The equilibrium potential of a solid-state redox reaction associated with Li ions

insertion and extraction usually shows subtle dependence on the reaction parame-

ter, x (concentration of ions and electrons in the host matrix). This often makes
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deviations from the simple Nernst law due to interactions between the inserted

species and the host lattice [3]. The open-circuit voltage (OCV) vs. composition,

V(x), can be separated into three terms: a standard electrode potential Vo, a

configurational term accounting for the distribution over ideal equivalent sites,

and a term K accounting for the interactions between inserted ions:

V xð Þ ¼ Vo � RT

F
ln

x

1� x

 �
� K

F
x� 1

2

� �	 

; ð13:2Þ

where both the configurational and the interaction term are functions of the degree

of intercalation, x. The interaction parameter, K, may be either positive (repulsion)

or negative (attraction). Figure 13.1a shows the open-circuit voltage OCV

vs. composition curves according to Eq. (13.2) for different values of the interaction

parameter. OCV is continuously decreasing, with a S-shaped equilibrium potential

vs. capacity curve, for a single phase intercalation process. It is constant if two

phases are present simultaneously, exhibiting a L-shaped curve. The normalized

differential capacity, C*¼ (�dx/dV), also named incremental capacity, is given by:

C* ¼ � dx

dV
¼ F

RT
1þ x

1� x
þ Kx

h i�1

; ð13:3Þ

where dx/dV indicates an electrochemical density of states at V for a system. For

values of K greater than �4, this relation predicts the differential capacity curve to

be bell-shaped, with the maximum at the potential where x is equal to 0.5.

Normalized capacity curves for different values of K are shown in Fig. 13.1b. C*

as given by Eq. (13.3) has a singularity at x¼ 0.5 for K¼�4RT, corresponding to

the onset of condensation of the intercalated Li ions due to strong attractive

interaction. At this point, the OCV vs. composition curve has zero slope. The states

corresponding to this region cannot be realized, but will separate into a lithium-rich
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Fig. 13.1 (a) Open-circuit voltage vs. composition curves according to Eq. (13.2) for different

values of the interaction parameter K and Eo¼ 2 V. (b) Normalized capacity vs. V�Vo curves for

different values of K
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and a lithium-poor phase, each with same lithium activity. The differential capacity

corresponding to this two-phase region is infinite, and can be described as a delta

function (Fig. 13.1b).

13.3 Measurements of Insertion Kinetics

The composition-dependent electrode potential, E(x), can be determined by pre-

paring either chemically or electrochemically specimens of different compositions

and by measuring their OCV against a suitable reference electrode in an electro-

chemical cell. The average composition is estimated by chemical analysis or

coulometric titration for electrochemically prepared samples [4, 5]. In both cases,

sufficient time is required to be in a thermodynamic equilibrium regime. Coulo-

metric techniques are essentially point-to-point methods allowing the determination

of the electromotive force (emf) curves at closely spaced points. They are

galvanostatic intermittent titration technique (GITT) and electrochemical potential

spectroscopy (EPS) [4–9].

13.3.1 Electrochemical-Potential Spectroscopy (EPS)

A powerful electrochemical technique involves the application of a series of

constant potential steps to an electrochemical cell [7]. On each potential step the

cell is permitted to attain quasi open-circuit conditions by letting the current decay

to a small, but finite, value. When small voltage steps are made, the voltage-charge

relation is a highly precise and accurate approximation to the thermodynamic

properties of the cell. Application to the Li-TiS2 couple shows that the charge

accumulated on each voltage step resembles an electrochemical potential spectro-

gram that provides evidence for the structural ordering of lithium in LixTiS2. The

technique can be used to study the potential-dependent cell kinetics, the thermody-

namics of adsorption on surfaces, and the phase diagrams of cathode materials.

The voltage of a lithium intercalation battery varies with its state of discharge,

i.e., the intercalant composition x. Subsequently more careful experiments have

shown fine structure in V(x) for many intercalation system [4, 5, 7, 10] clearly

observed in plots of dx/dV vs. x or V, which can be caused by a variety of physical

mechanisms such as the interactions between intercalated atoms within the host or

intercalation-induced structural phase transitions in the host. Therefore, careful

measurements of dx/dV can be used a study the physics and chemistry of the

intercalation process.

Experimental details of EPS are given in ref. [7]. Let us describe the basic

considerations as follows with dQ¼ Iodt and dQ¼Qodx. When a cell based on
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intercalation is charged or discharged at constant current, the rate of change of cell

voltage with time is:

dV

dt
¼ dV

dQ

dQ

dt
¼ Io

Qo

dV

dx
; ð13:4Þ

where V is the cell voltage, Io, the constant current,Qo the charge corresponding to a

change, Δx¼ 1 in the intercalation electrode:

Qo ¼
mF

Mw

: ð13:5Þ

In this equation, m is the mass of the active element of the electrode, and Mw is its

molar mass (we assume that there is one Li+ ion per chemical formula), and F is the

Faraday’s constant. By monitoring the cell voltage as a function of time, one can

obtain dx/dV since:

dx

dV
¼ Io

Qo

dV

dt

� ��1

: ð13:6Þ

With measurement of dx/dV at high resolution in V and x, we monitor the voltage

of the cell as a function of time with a computer-controlled voltmeter. In the

standard terminology, this method of measuring dx/dV is called derivative constant

current chronopotentiometry.

From Eqs. (13.4) and (13.6), we assume that the integral of the current can be

directly related to the change of composition that occurs within the insertion

electrode. By examining the derivative quantity, dx/dV, measured at different

current values, one can usually determine the effects of the finite rate and obtain

the equilibrium dx/dV. The same studies can also be made as a function of voltage

sweep rate using linear sweep voltammetry (LSV).

The experimental procedure consists in a series of constant voltage stepsΔV applied

to the galvanic cell as shown in Fig. 13.2. At each voltage stage Vi+ δV¼Vi+1

thedecreasingcurrent output is recordedand integrated in time togive the corresponding

change of stoichiometry Δx up to a predefined small current value Imin. Then the

corresponding charge variation in the cell is given by:

Δq ¼ mF

Mw

Δx; ð13:7Þ

whereMw, m and F are the atomic weight, the mass of the cathode material and the

Faraday’s constant, respectively. The smaller Imin, the closest the cell is to the

thermodynamic equilibrium, so the voltage V vs. x relation in the host can be
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considered as a good approximation to the thermodynamic EMF of the cell. We can

obtain very precise thermodynamic data like:

1. Cell voltage with an error equal to the voltage resolution given by the source

unit, e.g., 0.5 mV in our experiment, which is such smaller than the error of few

μV in the galvanostatic method.

2. Derivative incremental capacity �dx/dV vs. V or x almost free of error. This is

important in the case where there exist two sequential phases having small

difference or a single-phase with small free energy of formation, e.g., in Li

ordering.

Another advantage, mentioned below, is the speed of this method. In EPS the

experimental time is consumed only at the potentials where the cell presents large

capacity. On the contrary, the current falls quickly and the system proceeds readily

to the next potential step. In other words, the system presents voltage scanning rate.

In practice one can obtain results similar to the galvanostatic method’s results in the

one fifth or even less of time, because at the beginning of each step the current

output of the cell is much higher than Imin which is the actual value of the current

when the step ends. Finally the EPS is the most appropriate method for the first

study of an unknown cathodic material and for the study of slower reactions that are

met in a lot of solid state systems.

Within the EPS investigations, the conditions of validity and calculation of

intensity time functions have been discussed [11, 12]. In particular, a fast diffusion

of Li in the host material depends on the nature of the host, but more drastically on

the grain size of the cathode when constituted by powdered or polycrystalline form.

Therefore, one has to check in each case that the increments of the applied voltage

and the value of the cut-off current are small enough to make sure that the kinetic
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values are almost identical to the equilibrium ones. In other words, the time scale of

the experiments must be the small compared to the characteristic time τ � L2=4eDi

with eDi the chemical diffusion coefficient. τ is the time that the lithium ions need to

go from one electrode to the other with L the length of the lithium path inside the

solid (when the travel time inside the electrolyte is negligible). In particular, the

C-rate at which the experiment is performed must be small compared to 1/τ (with τ
expressed in hours in that case, according to the convention on the C-rate). Exper-
imentally this means that when the increments of voltage are too large or when the

reaction process is impeding the Li-diffusion, the EPS method cannot be used.

13.3.2 Galvanostatic Intermittent Titration
Technique (GITT)

The theory and the experimental procedure of the galvanostatic intermittent titra-

tion technique (GITT) have been well developed by Weppner and Huggins [4].

The application of this technique has been successful for the kinetic studies of

numerous lithium intercalated compounds such as TiS2 and TaS2. An extension of

the GITT method has been presented by Honders et al. [13, 14] with application to

LixTiS2 and LixCoO2. The advantage of this extended method with respect to the

more conventional techniques, which involve only semi-infinite diffusion is that

both the chemical diffusion coefficient eDi

 �
for species i and the enhancement

factor (W ) can be determined from kinetic data only, with eDi ¼ D0
i W. Furthermore,

the determination of eDi only requires an estimation of the effective length of the

diffusion path, instead of an active electrode area.

The self-diffusion coefficient or diffusivity D0
i is defined by the first Fick’s law

applied to the chemical:

Ji ¼ �ci
D0

i

RT

dμi
dx

; ð13:8Þ

where Ji is the amount of substance i (in mol) per unit area and unit time, ci the
concentration (in mol m�3), R the universal gas constant. μi is the chemical

potential given by the relation:

μi ¼ μ0i þ RTlnai: ð13:9Þ

This relation defines the activity ai for the species i. By combining these two

equations, we find:

Ji ¼ �eDi
dci
dx

; ð13:10Þ
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with the chemical diffusion coefficient for the species i:

eDi ¼ Di
d lnaið Þ
d lncð Þ ¼ DiKt; ð13:11Þ

where Kt is the Darken or thermodynamic factor for the species i. According the

development in ref. [13], the enhancement factorW of the total diffusion throughout

the structure is:

W ¼ 1� tið Þ∂lnai
∂lnci

�
X

j6¼i, e, h
tj
zi
zj
� ∂lnai

∂lnci

" #
; ð13:12Þ

where ti is charge transfer coefficient (or transference number) of the species i. For
the case in which only one ionic i and one electronic species e have to be

considered, so that te¼ 1� ti, the diffusion coefficient becomes:

eD ¼ Do
i te

∂lnai
∂lnci

: ð13:13Þ

If the sample is predominantly an electronic conductor (electronic conductivity

large compared with the ionic conductivity), so that te ! 1, so that:

D ¼ Di; ð13:14Þ

which means that the ionic conductivity is not affected by the electrons. In this case,

the electrons respond instantaneously to the motion of the ions to keep local charge

neutrality, so that the diffusion is only limited by the motion f the ions. On the other
hand, if the transference number of the ionic species is much larger than for the

electronic species, Eq. (13.12) can be rewritten as:

eD ¼ CeD
o
e

z2i Ci
� ∂lnai

∂lnci
; ð13:15Þ

in which the chemical diffusion coefficient for the ionic species is affected by the

electronic kinetics. The reason is that the limited diffusion of the electrons implies a

delay between the motion of the ions and electrons, which generates an internal

electric field and a Coulomb interaction between ions and electrons, so that their

motion is interdependent.

The schematic illustration of a single step of the GITT method is shown in

Fig. 13.3. An electric current Io is driven through the galvanic cell by an external

13.3 Measurements of Insertion Kinetics 505



source during time interval τ. The change in stoichiometry Δx caused by the

coulometric titration is given by the Faraday’s law:

Δx ¼ I0τMw

zmF
; ð13:16Þ

where τ is the duration of the current pulse (see Fig. 13.3).

Thus ΔVt is the total transient voltage change of the galvanic cell for the applied

current Io. ΔVs is the change of the steady-state voltage of the cell for this step i [6]
as shown in Fig. 13.3 that is:

ΔVt ¼ Viþ1 � Vi,

ΔVs ¼ Viþ1 � Viþτ
: ð13:17Þ

The temporal response of the voltage decay is expressed by:

ΔVt ¼ I0RT

AF2x
W

ffiffiffiffiffiffiffi
4t

πeD
r

� t

L

	 

: ð13:18Þ

L is the size of the particles in contact with the electrolyte, also called solid state-

diffusion length.
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Fig. 13.3 Schematic illustration of the galvanostatic intermittent titration technique (GITT)
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13.3.2.1 Short Relaxation Time t � L2=eD �
After a time interval τ, the current flux is interrupted, and the composition within

the sample tends to homogenize by diffusion of the mobile species, while the

voltage decays because of relaxation of the generated concentration gradient. If

ΔVt vs. √t shows the expected straight line behavior (Fig. 13.4), the diffusion

coefficient can be calculated by solving the second Fick’s law, because all other

quantities are known or measurable:

eD ¼ 4

πτ

mVm

MwA

� �2 ΔVs

ΔVt

� �2

; ð13:19Þ

where A is the area of the sample-electrolyte interface. With the condition

L2=teD  1, an electrode 1 μm-thick and eD ¼ 10�10cm2=s gives t � 100 s. Note

that the enhancement factor is included in the slope of the coulometric titrationΔVs/Δx.
From the slope of the linear part (Fig. 13.4) the value of eD=W2 can be found as

eD
W2

¼ 4

π

I0RT

AF2x

� �2 Δ
ffiffi
t

p� �
ΔVt

� �2

: ð13:20Þ

13.3.2.2 Long Relaxation Time t  L2=eD �
For longer time, the deviations of the linearity (vertical lines in the figure) are then

plotted as a function of t. The new overpotential ΔV�
t is a linear function of time

expressed by:

ΔE*
t ¼

∂ ΔVtð Þ
∂

ffiffi
t

p� � ! ffiffi
t

p � ΔVt ¼ IoRTW

AF2xL

	 

tþ η; ð13:21Þ
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where η is the constant voltage term. Thus, the slope of the new function ΔV�
t

vs. t provides the enhancement factor expressed by:

W ¼ AFxL

IoRT

	 

∂ ΔVtð Þ

∂t

� �
: ð13:22Þ

13.3.3 Electrochemical Impedance Spectroscopy

Li-ion and electrode kinetic studies are also carried out by means of the electro-

chemical impedance spectroscopy (EIS). Both measurements are currently

performed in cells with Li-metal anode as reference electrode. The EIS is done

using an impedance/gain-phase analyzer coupled with the battery tester unit. The

measurements are usually carried out in the frequency range 350 kHz to 3 mHz with

an ac signal amplitude of few mV (typically 5 mV). Figure 13.5 shows the typical

impedance spectra (Nyquist plots) obtained for pristine and carbon-coated

LiNiyMnzCo1�y�zO2 samples. Both of them exhibit a semicircle in the high-

frequency region and a straight line (Warburg diffusion) in the low-frequency

range (ω <1 Hz). After carbon coating, impedance of the LiNiyMnzCo1�y�zO2

particles has markedly decreased and the Warburg component has changed.

The impedance of the cell is the complex quantity, Zc ¼ Re Zcð Þ þ Im Zcð Þ,
where the real part is the sum of the internal resistance, in practice the sum of the

charge transfer resistance R1 and R2 at the interface with the two electrodes, plus the

Warburg contribution due to diffusive process:

Re Zcð Þ ¼ R1 þ R2 þ σffiffiffiffi
ω

p ; ð13:23Þ

where σ is the Warburg coefficient, which can be determined as the slope of the

straight line obtained by plotting Zc vs. ω
�1/2 in the low-frequency range according
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to (Fig. 13.5b). The diffusion coefficient of ionic species can then be calculated

from the equation [15]:

eD ¼ R2T2

2n4F4
� 1

ACσ

� �2

; ð13:24Þ

where R, T and F have their usual meaning. n is the number of electrons per

molecule oxidized, A is the surface area of the interface between the particles and

the electrolyte, like in the previous section, c is the concentration of Li+ ions. Note

that this relation between the Warburg and the diffusion coefficients is only valid if

the diffusion layer has an infinite thickness. In practice, this condition is met if the

characteristic time of the experiments is ω�1 � L2=eD. It is clear that the diffusion

coefficient of Li+ ions is enhanced by carbon deposit at the surface of particles

(Fig. 13.5b). This increase in the diffusivity can be attributed to the increase of the

Darken factor which results from the enhancement of the electronic conduction.

This effect appears to be favorable for the electrochemical performance of the

NMC particles during cycling at high rate.

13.4 Application: Kinetics in MoO3 Electrode

In this section we present the advantage of the above methods involving only semi-

infinite diffusion for the determination of both the chemical diffusion coefficient

and the enhancement (or thermodynamic) factor of MoO3 electrode materials

inserted by Li+ ions. MoO3 crystals and films are considered [15, 16].

13.4.1 MoO3 Crystal

Typical discharge–charge curves of a Li//MoO3 have been shown previously (see

Chap. 9). Kinetics measurements performed on anhydrous α-LixMoO3 phase

show the fast motion of Li+ ions in the van der Waals plane of the layered

framework. The chemical diffusion coefficient varies from 2� 10�10 to

6� 10�11 cm2 s�1 in the compositional range 0.05� x� 1.35 with a maximum

value eD ¼ 1� 10�9cm2s�1 at x ¼ 0:75, while the enhancement factor varies in

the range 1�W� 17 as shown in Fig. 13.6. As the compositional dependence of eD
is due to the nature of empty sites in the host, the variation of the chemical diffusion

coefficient of Li+ ions in α-LixMoO3 can be expressed as a quadratic function of x:

eD ¼ βx2 1� xð Þ þ x 1� x2
� �

; ð13:25Þ

where β is a parameter related to the repulsive interaction energy between alkali

ions in the host structure. Note that x from now on will mean the Li concentration,
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while x was a position in Eqs. (13.8) and (13.10). Since, however, these two

equations will not be used in this section, there should not be any confusion. eD
shows a maximum value at the half-filling site number [12].

The chemical potential is given by the equation:

μ ¼ μ0 þ RTlna ¼ �FV xð Þ; ð13:26Þ

which, combined with Eq. (13.11), gives the enhancement factor under the form:

Combining Eqs. (13.11) and (13.2), we find the expression of the x-dependence
of the enhancement factor:

W ¼ � F

RT

∂V
∂lnx

¼ 1þ x

1� x
þ Kx: ð13:27Þ

This simple expression applied to data of Fig. 13.6, gives the interaction parameter,

K, accounting for the electrostatic repulsion between the insertion Li+ ion. For

α-LixMoO3 the result is K¼ 6.8.

13.4.2 MoO3 Films

Let consider a cathode material with a planar configuration such as MoO3 thin film

for instance, for which the cell voltage vs. Li insertion is given in Fig. 13.7a. MoO3

films were grown onto silicon wafer by rf-sputtering technique into an evaporation

chamber filled with a mixture of argon and oxygen. It appears that optimization of

grown parameters include the substrate temperature Ts and the oxygen partial

pressure p(O2).

Figure 13.7a shows that the potential profile depends strongly on the partial

oxygen pressure in the deposition chamber. Changes in the standard potential E0 are
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due to the variation in the stoichiometry of the MoO3�δ films. With p(O2)¼
150 mTorr, the film composition is close to the ideal stoichiometry with δ¼ 0.

The kinetics of Li+ ions in LixMoO3 cathode material have been studied in the

intercalation range 0� x� 1.5 during the relaxation periods of the discharge

[16]. The chemical diffusion coefficient eD, the component diffusion Do, and the

enhancement factor (or thermodynamic factor) W ¼ eD=Do are evaluated using the

modified galvanostatic intermittent titration technique (GITT) with a long duration

pulse excitation. According to Eq. (13.20), the transient voltage ΔE is a linear

function of the square root of time, √t, like in Fig. 13.4, and the slope can be used to

calculate the chemical diffusion coefficient eD if the thermodynamic factor is known

from the cell potential versus x relation.

The x-dependence of the chemical diffusion coefficient eD and the enhancement

factor W in LixMoO3 film is shown in Fig. 13.7b. The maximum value of

6.8� 10�12 cm2 s�1 is obtained at x¼ 0.75 and at higher concentrations eD
decreases according to a quadratic law:

eD ¼ x 5:3� 2:8xð Þ10�12: ð13:28Þ

In this case, the intercalation process is essentially controlled by the Li concen-

tration in the host lattice. As shown in Fig. 13.7b the thermodynamic factor, W,

varies linearly with the degree of Li intercalation from 10 to 820 in the range

0.05� x� 1.5. This x-dependence ofW can be associated with the large decrease of

the electronic mobility in LixMoO3 film. Considering that MoO3 films are oxygen-

deficient materials, the model of charge transport in internal defect compounds can

be applied [14–18]. Defects are Li interstitials, Li*, and conduction electrons, e0. It
has been shown [17] that, in a solid solution where no internal defect reactions

a b

Fig. 13.7 (a) Discharge profiles of Li//MoO3 cells fabricated with rf-sputtered films deposited

onto Si wafer in different oxygen ambient. (b) x-dependence of the chemical diffusion coefficient

and enhancement factor in LixMoO3 films
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occur, the thermodynamic factor is related to the defect concentration (if dilute

defects exist) as:

W ¼ Φ�1
Li þΦ�1

e0 ; ð13:29Þ

where ΦLi ¼ cLi*=cLiþ and Φe0 ¼ ce0=cLiþ . Equation (13.29) explains the linear

variation ofWwith thedegree of intercalationas shown inFig. 13.7b.The large increase

ofW is associated with the decrease of the electronic mobility in the LixMoO3 film.

13.5 Incremental Capacity Analysis (ICA)

13.5.1 Introduction

Thermodynamic data are needed to determine the nature of the intercalation–

deintercalation mechanism of electrodes. The concept of electrochemical potential

spectroscopy (EPS) was introduced in 1979 by Thomson [7] taking detailed data

related to both kinetic and thermodynamic parameters in a single, slow voltage

cycle. EPS is also referred as incremental capacity analysis (ICA) or differential

voltage analysis (DVA). OCV data often reflect battery aging and performance

degradation [19]; by using the ICA technique [10], which differentiates the battery

charged capacity (Q) with respect to the terminal voltage (V ) and transforms

voltage plateaus on the V�Q (voltage-charged vs. capacity) curve into clearly

identifiable dQ/dV peaks on the differential capacity curve, gradual changes in cell

behavior can be detected, based on life cycle test data, with greater sensitivity than

those based on conventional methods.

The redox potential of insertion electrodes is normally represented by the

derived form of Eq. (3.12), which, when K¼ 0, can be written under the form:

dx

dV
¼ F

RT
x 1� xð Þ: ð13:30Þ

Equation (13.30) predicts an S-shaped potential curve as a function of moles of

species involved in the insertion process. In such a case, (dx/dV) defines the

capability of storing or delivering charge at a potential V. In practice, however,

the interaction K-term is not negligible, so that the full Eq. (13.2) must be written at

each incremental step i, letting K depend on i, since the interaction may depend on

the lithium concentration. To make contact with [20, 21], we use their notations,

and write the electrode potential for xi� 1< xi< xi+ 1 under the form:

V xð Þ ¼ V0i � RT

F
ln

xi
1� xi

� �
� zϕi

F
1� 2xið Þ; ð13:31Þ
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which is just Eq. (13.2) with ϕι¼�Ki/(2z), so that, now, ϕι is the interaction energy

(ϕi< 0 repulsive and ϕi> 0 attractive), z is the number of nearest neighbor sites, xi
is the ratio of occupied sites to available sites of a given energy in a system, and V0i

is the standard potential given at x¼ 1/2 for the ith redox couple. Therefore:

dxi
dV

¼ � RT

F

1

xi 1� xið Þ �
2zϕi

F

	 
�1

: ð13:32Þ

Figure 13.8 displays the analytical result of redox potentials observed for an

insertion compound Lix<H> including two plateaus separated by an S-shaped

solid-solution reaction that is the typical situation of LixMO2 electrodes (M¼Co,

Ni0.5Co0.5 or Ni). In such a layered framework, a [2� 2] sublattice with respect to a

basal triangular lattice is most probable due to the occupation of Li ions at all the

[2� 2] sublattice sites giving the composition Li0.25MO2 and Li0.75MO2

(Fig. 13.8b) owing to a particle–hole interaction [21]. As the system shown in

Fig. 13.8 can be decomposed into three parts, this situation is formulated using the

general principle of superposition of states. Consequently, the normalized concen-

tration x in LixMO2 at potential V(y) is given by:

x ¼
ð V
1

X3
i¼1

∂xi
∂V

� �
dV: ð13:33Þ

The parameters obtained from the analytical data of Fig. 13.8 are V01¼ 4.50 V and

zϕ1/F¼ +0.25 V for system I, V02¼ 4.18 V and zϕ2/F¼�0.25 V for the system in

the composition range II, and V03¼ 3.91 V and zϕ3/F¼ +0.25 V in the composition

Fig. 13.8 (a) Voltage-composition profile for the solid-state redox reaction of an insertion

compound Lix<H> showing three potential region and (b) corresponding differential capacity

(dx/dV) curve
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range III. The interaction-energy parameters are thus attractive in both regions I and

III. In this following, we illustrate the investigations of ICA of positive and negative

electrodes by considering the mechanism of lithium-ion insertion in their frame-

works; LixV6O13, Li1�xNiO2, Li1�xNi1/2Mn1/2O2, Li3V2(PO4)3 and silicon

nanowires are considered. We also present the estimation of the state-of-health

(SOH) of Li-ion full cell by considering the cycle life of a LiFePO4//graphite

battery.

13.5.2 Incremental Capacity Analysis of Half Cell

13.5.2.1 V6O13

The use of V6O13 as active material for positive electrodes in secondary lithium

batteries was first suggested in 1979 by Murphy et al. [22]. The property most in

favor of V6O13 is the high stoichiometric energy density 0.89 Wh g�1. However,

when highly lithiated Li6V6O13 is a poor electronic conductor [23]. Therefore, the

addition of electronically conductive material, e.g., graphite or carbon is manda-

tory, which reduces the practical energy density. The structure of V6O13 contains

edge-shared octahedra forming single and double zig–zag chains linked together by

further edge sharing. The resulting sheets (single and double) are interconnected by

corner sharing, thus giving a 3-D framework [24]. This structure contains tri-capped

cavities joined through shared square faces. The three open faces of the cavity

should permit lithium-ion diffusion along (010) with the possibility of exchange

between pairs of adjacent channels.

Figure 13.9 shows the first discharge–charge characteristics of a Li//V6O13 cell.

The lithium insertion reaction, 1Li per V atom, is found to be reversible in the

a b

Fig. 13.9 (a) First discharge–charge curve of Li//V6O13 cell. (b) Incremental capacity of Li

insertion in V6O13
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voltage range 3.2–1.5 V. Theoretically the maximum limit of lithium uptake by the

stoichiometric V6O13 structure is believed to be 8 per formula unit as determined by

the available electronic sites rather than the structural cavities [25]. The limit

corresponds to a situation when all the vanadium ions are present in the trivalent

V3+ state. As a function of the stoichiometry, the maximum uptake goes to 1.35Li

for VO2.18 oxide. As pointed out by West et al. [6], the structure of V6O13 can be

also visualized as a stack of VO2(B) and α-V2O5 sheets joined at octahedra corners;

so, V6O13 can be considered as an intergrowth of single (α-V2O5) and double

(VO2(B)) layers of VO6 octahedra. The discharge curve (insertion reaction) occurs

in three steps that correspond to the reduction of V cations. As the pristine material

can be expressed V4þ
4 V5þ

2

� �
O13, the final product of the insertion reaction Li6

V3þ
4 V4þ

2

� �
O13 implies three steps in the voltage profile, associated to the insertion of

Li at different lattice sites, accompanied with the reduction V5þ ! V4þ, V4þ !
V3þ (Fig. 13.10). In particular, the large plateau at 2.1 V is attributed to the V4þ

! V3þ reduction process [26].

13.5.2.2 LiNiO2

The layered transition-metal oxides such as LiCoO2 (LCO) and LiNiO2 (LNO) are

the most attractive cathode materials for the rechargeable lithium batteries, because

they have high specific capacity (273 mAh g�1), high operating cell voltage (~4 V),

and excellent rechargeability. The LiNiO2 is a more attractive choice because of

lower cost as compared with that of LiCoO2. LiNiO2 crystallizes in the layered

rock-salt structure (α-NaFeO2-like structure). This structure is based on the close-

packed network of oxygen atoms with the Li+ and Ni3+ ions ordering on alternating

(111) planes of the cubic rock-salt structure. This (111) ordering introduces a slight

distortion of the lattice to hexagonal symmetry with cell constants a¼ 2.816 Å and

V4+

V4+

V5+

V5+

V4+

V4+

vanadium

oxygen

a
b

Fig. 13.10 (a) Voltammogram of Li//V6O13 cell recorded at sweep rate 10 μV/s. The current

is normalized as dQ/dV, assuming that the composition at 2.2 V vs. Li0/Li+ is Li4V6O13.

(b) Schematic representation of the crystal structure of V6O13 showing the nonequivalent vana-

dium sites
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c¼ 14.08 Å [27]. The structure of layer-like LiNiO2 is constituted by packing of

(NiO2)
2� slabs with Li+ inserted within the interslab space. A study of the elec-

tronic and magnetic properties of the LixNiO2 system has been recently reported by

Dutta et al. [28]. This material behaves as a small-polaron semiconductor with holes

in the Ni4+/3+ couple and a massive Ni-O covalent mixing.

The formation of low lithium content LixNiO2 (x< 0.2) causes cycle life failure.

In addition, the material becomes highly catalytic toward electrolyte oxidation and

some of the nickel ions may migrate to lithium sites. The formation of pure LNO is

difficult, and residual NiII (up to 1–2 %) exists between the NiO2 slabs. In fact, the

first cycle irreversibility during charge–discharge is mainly related to the amount of

NiII between the slabs of NiO2, which requires extra charge for oxidation to higher

valency state, when electrolyte decomposition is controlled. Through careful syn-

thesis and adjustment of lithium concentration in the material during heat treatment,

we obtained LiNiO2 very close to stoichiometry. Figure 13.11a shows first charge–

discharge profile of the LNO cathode cycled at current density 0.1 mA cm�2. The

total irreversibility of the first cycle is an indicative of the stoichiometric compound

with negligible amount of NiII in the lithium layer.

The voltamogram (Fig. 13.11b) shows that various phase transitions occur upon

Li extraction from Li1�xNiO2. Zhong and von Sacken have shown that LiNiO2

charged to 4.1 V vs. Li0/Li+ can deintercalate x¼ 0.7 [29]. The reaction mechanism

is explained in terms of topotactic process: hexagonal R-3m LiNiO2 is oxidized to

NiO2 (R-3m, a¼ 2.81 Å, c¼ 13.47 Å) via Li1�xNiO2 (0.25� x� 0.55) having

monoclinic lattice (C2/m) [30]. Ordered structures for LiyNiO2 have been experi-

mentally reported at y¼ 0.25; 0.33 and y¼ 0.63 [31]. Additional Li can be removed

above 4.1 V but this degrades cell performance because the cathode structure is

destabilized beyond x¼ 0.7. In an overcharged Li1�xNiO2 cathode most of the Ni

atoms are in the unstable Ni4+ state. Manthiram et al. [32] have shown that

Li0.5NiO2 is unsafe because this oxide can transform to cubic spinel-like structure

under mild heating at 150 �C.

a b

Fig. 13.11 (a) Charge–discharge profile of Li//LiNiO2 electrochemical cell. Current density of

0.1 mA/cm2 in 1M LiPF6 + 65/35 EC-DMC. (b) Voltammogram of Li//LiNiO2 cell recorded at

sweep rate 10 μV/s
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13.5.2.3 LiNi0.5Mn0.5O2

Lithium nickel manganese oxides without cobalt have been investigated as cathode

materials for advanced lithium-ion batteries [33]. Koyama et al. [34] have shown

that LiNi0.5Mn0.5O2 is a stable compound consisting of Ni2+ and Mn4+, not a solid

solution of LiNiO2 and LiMnO2, whereas LiCo0.5Ni0.5O2 is a one-to-one solid

solution of LiCoO2 and LiNiO2. As shown in Fig. 13.12, the solid-state redox

reaction of LiNi0.5Mn0.5O2 can be presented by decomposing the incremental

capacity curve into three parts at y¼ 1/3, 1/2 and 2/3 in LixNi0.5Mn0.5O2, which

are characterized by redox levels at 4.49, 4.05, and 3.81 V vs. Li0/Li+. Using

Eq. (13.29) the negative interaction parameters of zϕi/Fmean repulsive interaction,

i.e., one-phase reaction over an entire range. Similarly, one observes three redox

levels in LiNiO2 and LiNi0.5Co0.5O2 systems but at different voltages that are 4.23,

3.93 and 3.63 V for LiNiO2 and 4.58, 4.05, 3.58 V for LiNi0.5Co0.5O2. Note that

(1) the solid-state redox reaction for LiNiO2 formally consists ofNi3+/Ni4+, while

that for LiNi1/2Mn1/2O2 seemingly consists of Ni2+/Ni3+ and Ni3+/Ni4+ and (2) The

average voltage of 4.10 V for LiNi1/2Mn1/2O2 is higher than 3.90 V for LiNiO2.

13.5.2.4 Li3V2(PO4)3

The monoclinic lithium vanadium phosphate Li3V2(PO4)3 exhibits an excellent

reversibility when the charge extracted is limited to the value equivalent to two Li

per formula unit. The extraction of the last lithium is observed at a potential greater

than 4.6 V vs. Li0/Li+ and involves a significant overvoltage [35]. In LixV2(PO4)3,

the V3+/4+ redox couple takes place in the range x¼ 1–3.

Both voltage profile and incremental capacity are shown in Fig. 13.13. The

experimental titration curve for LiV2(PO4)3 displays three regions, which span in

the composition ranges: x1¼ 0–0.5, x2¼ 0.5–1, and x3¼ 1–2 in Li(3�x)V2(PO4)3,

a b
�y �xi

�V �V
=

3

i=1
∑ ( )

Fig. 13.12 (a) Discharge vs. composition curve of LiNi0.5Mn0.5O2 cathode material. (b) Incre-
mental capacity curve showing the three regions of the redox reaction
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respectively. In each region, plateaus are observed, substantiating the two phase

character of the electrochemical redox reaction with little lithium solubility in each

phase. Under the low current regime used (C/20), the first two Li ions are extracted
at an average voltage of 3.64 and 4.09 V vs. Li0/Li+, respectively. In turn, the first

lithium is removed in two steps, i.e., 3.61 and 3.69 V vs. Li0/Li+. The second

lithium; however; is extracted over one single step, 4.09 V vs. Li0/Li+. Almost all of

the lithium ions equivalent to 2 mol per formula unit have been extracted

~125 mAh g�1 for a theoretical of 133 mAh g�1. Both plateaus correspond to

lithium extraction associated with the V3+/4+ redox couple.

13.5.2.5 Silicon Nanowires

Silicon is currently investigated as a replacement for graphite for the negative

electrode of Li-ion batteries (see Chap. 10). The incorporation of 4.4 Li atoms

per Si provides a specific discharge capacity of 4200 mAhg�1 in the relatively low

potential below 0.5 V. An important feature of Si anode materials is the large

inherent change in specific volume (up to about 400 %) during the insertion and

extraction of large amounts of Li ions. This causes pulverization or crumbling, and

a loss of electrical contact between the active material and the current collector. The

result is a reduction in the effective capacity during cycling. A adequate way to

accommodate the large volume evolution is the use of nanosized particles such as Si

nanowires [36] and nanoporous Si [37] (see Chap. 10 devoted to anodes).

Electrochemical potential spectroscopy was successfully used to study the

differential capacity dQ/dV as a function of potential in the silicon nanowires

(SiNw) that provides information about the structural transformations during

lithiation and delithiation. The voltage vs. capacity profile and the corresponding

Fig. 13.13 (a) Discharge–charge curve vs. composition of monoclinic Li3V2(PO4)3 cathode

material recorded at C/20 rate. (b) Incremental capacity curve showing the three regions of the

redox reaction. Numbers are the redox potential in volt

518 13 Experimental Techniques

http://dx.doi.org/10.1007/978-3-319-19108-9_10
http://dx.doi.org/10.1007/978-3-319-19108-9_10


dQ/dV vs. voltage curves are shown in Fig. 13.14. During the charge (Li insertion),

a small peak (noted A) is observed at 0.62 V and a larger peak (noted B) at 0.125 V

(Fig. 13.14b). The peak at 0.62 V has been reported to be due to SEI formation on

the Si surface, whereas the peak at 0.125 V is a two-phase region where crystalline

Si (c-Si) reacts with Li to form an amorphous lithium silicide, a-LixSi. During the

discharging (Li extraction) process, two peaks (D and E) are observed in the

differential capacity curve, which correspond to plateaus in the voltage

vs. capacity curve. The two-phase region at E looks similar to the reported [38]

delithiation of crystalline Li15Si4 to form amorphous Si. After few cycles, the dQ/
dV curve (Fig. 13.14c) shows that the crystalline Si has been converted to amor-

phous Si. During the charge, lithiation into the amorphous Si occurs in two sloping

single-phase regions, as indicated by B0 and B00. Chan et al. [39] reported the

a-Lix
0Si and a-Li(x0+x00)Si phases to identify the phases formed at B0 and B00,

respectively. Below 50 mV, the same transformation to a-LiySi occurs and

delithiation of this phase occurs in a two-phase region.

13.5.3 ICA and DVA of Full Cell

Recently incremental capacity analysis (ICA) has been demonstrated [40–43] to be

explicitly capable of identifying degradation mechanism in combination with high

fidelity and accurate computer model simulation. The ICA is a method widely used

to highlight the different areas in a voltage profile where the voltage derivative with

respect to capacity is plotted as a function of capacity. Following the cell voltage

relation to electrode voltage:

Vcell ¼ Vcathode � Vanode; ð13:34Þ

Fig. 13.14 Electrochemical features of Si nanowires. (a) Potential vs. specific capacity profile, (b)
dQ/dV curve for the first cycle and (c) dQ/dV curve for the 10th cycle that shows the amorphization

of the material
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and the definition of individual electrode ICA:

ICAanode ¼ dQanode

dVanode

¼ f Vð Þ; ð13:35Þ

ICAcathode ¼ dQcathode

dVcathode

¼ f Vð Þ; ð13:36Þ

the cell ICA is a linear combination of the two according to:

ICAcell ¼ 1

ICAcathode

� 1

ICAanode

	 

¼ f Vð Þ: ð13:37Þ

Several reports have shown the strength of ICA for the evaluation of the on-board

state of health monitoring of lithium-ion batteries [44, 45] has illustrated advance-

ment in applying ICA (or DVA) to decipher aging and degradation mechanisms on

large format commercial LiFePO4-based lithium-ion cells. The incremental capac-

ity signature at C/25 (Fig. 13.15) are consistent with the characteristics of a typical

graphite—LiFePO4 chemistry [46] in which the staging phenomena can be clearly

identified. In the negative electrode, the lithium intercalation transforms C to LiC6

in at least five distinct staging processes (which transform one stage compound to

another). A peak in the ICA spectrum denotes a flat region in a voltage profile. For

Fig. 13.15 ICA of LiFePO4//graphite full cell at BOL and ECL. The 18650-type battery was

charge and discharge at C/25 rate. Cell aging is clearly identified by the ICA curve at the

beginning-of-life (BOL) compared with that at the end-of-life (EOL)
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voltage profile recorded at sufficiently low current rate, it is possible to distinguish

the different voltage plateaus associated to the staging of the graphite anode

(Fig. 13.15) as peaks at defined voltage levels. A symmetric reduction of the peak

intensity is an indication of an aging regime where the cell is symmetrically aged as

expected if the activity of both anode and cathode materials is lost at the same rate,

thereby causing a loss of total cell capacity. In the example shown in Fig. 13.15, the

peaks at 3.35–3.38 V for are significantly affected during aging.

Similarly, the full cells can be characterized in terms of differential voltage using

a low rate (C/25) for capacity vs. voltage measurement. These data are then

analyzed in terms of their time dependence and by differential voltage (dV/dQ)
analysis to elucidate some of the capacity fade mechanisms in the cells. Then the

voltage of a cell (Eq. 13.36), the derivative of voltage with respect to capacity, dV/
dQ, is well suited for graphical analysis of battery; (dV/dQ) cell can be written as:

dV

dQ

� �
cell

¼ dV

dQ

� �
cathode

� dV

dQ

� �
anode

: ð13:38Þ

That is, the contributions from the anode and cathode electrodes add linearly. This

is in contrast with the way the contributions add when using dQ/dV given in

Eq. (13.37).

In a dV/dQ curve, the peaks are from phase transitions, whereas the peaks in a

dQ/dV curve are from phase equilibrium. At equilibrium, two or more coexisting

phases have the same lithium chemical potential. Thus, dV¼ 0 at equilibrium,

making dQ/dV undefined. On the other hand, dQ is never zero using a constant-

current discharge or charge. The peaks in the dV/dQ curves were assigned to the

positive electrode, to the negative electrode, or to their sum by comparison with

half-cell data. In the work that follows, we continue the discussion of the technique

and show how to use dV/dQ analysis in a case where side reactions occur at the

negative electrode [47–51].

13.6 Transport Measurements in Solids

The first parameter to determine in experiments is the free carrier concentration,

n or p. The direct measurement is based on the Hall effect. We discuss this effect in

the first section. However, this type of measurement requires that we can make

ohmic contacts on the sample. It is not always possible even on “big” well-

crystallized samples, and it becomes very difficult if not impossible on nanoscopic

powders, in which case optical spectroscopy is the tool that may be used to

determine n or p.
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13.6.1 Resistivity Measurements

The simplest way to measure the resistivity of a solid material is to cut a bar-shaped

sample, and to make separate current contacts on the short edges and voltage

contacts on the surface, as shown in Fig. 13.16. The use of four terminals ensures

that the measured voltage does not include the voltage drop due to the current

contacts. The resistivity is given by:

ρ ¼ VC � VD

i

S

lCD
; ð13:39Þ

where lCD is the distance between points C and D and S is the cross-section of the

sample in the direction of the current flow. The possible contribution of thermo-

electric effect can be eliminated by inversion of the current flow is strongly

advisable. Note that a precise knowledge of the placement of the contacts and of

the sample geometry is requested. This is a strong limit to the technique when the

material under study is difficult to cut with great precision. Moreover, for

Eq. (13.42) is valid only if the current density is equal on each point of the sample

cross-section and the equipotentials are parallel to the current electrodes.

13.6.2 Hall Effect

Suppose we can make ohmic contacts on a sample. The idea is make a direct

measurement of the electric current jx that crosses the sample when an electric field

is applied in a direction x. A uniform magnetic field H is applied in the direction z,
which creates a voltagemeasured in the direction y. The scheme is given by Fig. 13.17.

Fig. 13.16 Conventional

four-probe method for the

measurement of the

resistivity. Current is

injected through contact A

and drained from contact

B. The voltage drop is

measured between contact

C and D

Fig. 13.17 Principle of the

Hall effect

522 13 Experimental Techniques



Consider the case where we have a concentration n of electrons in the sample.

Since they are submitted to the electric field supposed to be in the direction + x, they
acquire a drift velocity v in the direction –x. The Lorentz force applied to the

electrons is� ej jv! ^ B
!
which is then along the direction –y, which in turn creates an

electric field Ey in the y-direction, hence an accumulation of charge at the edges of

the sample in the y direction (Fig. 13.13). The resulting electric potential opposes

the motion of the electrons due to the Lorentz force, and at equilibrium, the current

along y must vanish due to the exact compensation between the Lorentz force and

the electric force eEy according the relation:

� ej j E
!

y þ v
! ^ B

! �
¼ 0 ) Ey ¼ vxB: ð13:40Þ

Since jx ¼ � ej jnvx, we find Ey

jxB
¼ RH ¼ � 1

n ej j. We measure Ey¼V/Ly with Ly the

dimension of the sample in this direction. B is known; jx is the current that can be

deduced from measurement of the conductivity, so that the Hall coefficient RH can

be readily obtained. For electrons, RH is negative, but if the free carriers are holes,

RH ¼ 1= p ej jð Þ. Therefore the Hall constant gives directly the carrier concentration,
but also the sign of the Hall coefficient tells whether we have electrons of holes. In

addition, once n or p is known from RH, we can deduce the mobility μe or μp from jx.
If there are both electrons and holes, the situation is more complex, but still it is

possible to deduce the four parameters n or p, μe, μp. The price to pay to determine

these four parameters instead of the two that we have with only one type of carrier is

that both the conductivity and Hall coefficient must now be measured as a function

of the magnetic field [52]. Theoretically, two electrodes along y at both ends should
be sufficient to measure Ey. In practice, however, we need to duplicate them, and

have 4 contacts. The reason is that it is not possible to have two contacts exactly

along the y axis, so that we measure not only the voltage due to Ey, but also a

parasitic tension associated to Ex due to the nonsymmetrical contact placement.

Sample shape may also be a problem, since we have made the calculation for an

ideal parallelepiped sample. The most common way to control these problems is to

acquire two sets of Hall measurements, one for positive and one for negative

magnetic field direction, and have four contacts instead of two. Then the experi-

mental procedure to be used is detailed in [53]. Sometimes, it is more convenient to

measure a layer or sheet conductivity than bulk conductivity. In that case, use the

Van der Pauw technique, which is also based on the Hall effect [54].

13.6.3 Van der Pauw Method

The advantage of the van der Pauw technique is that it allows resistivity measure-

ments avoiding problems due to the nonclassical bar- or bridge-shaped geometry of

sample (Fig. 13.18). The technique was developed in order to measure the resis-

tivity (and the sheet resistance) of thin and flat samples of semiconductors.
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Van der Pauw [30] showed that determination of the resistivity of samples of

arbitrary shape requires: (1) the contacts realized on the edge of the specimen,

(2) the contact sufficiently small (point-like), (3) the sample with homogeneous

thickness d, and (4) the sample without isolated holes (surface connected). Fulfilled

conditions allow the van der Pauw theorem:

exp �π
RAB,CDd

ρ

� �
þ exp �π

RBC,ADd

ρ

� �
¼ 1; ð13:41Þ

where

RAB,CD ¼ VD � VC

iAB
; ð13:42Þ

and iAB is the current fed in the specimen through A and drained from B. A similar

relation defines RBC,AD. Currently, the absence of contact symmetry, requests dual

measurements RBC,AD and RAB,CD; thus the resistivity is written in the form:

ρ ¼ πd

ln2

RAB,CD þ RBC,AD

2
� f

RAB,CD

RBC,AD

� �
; ð13:43Þ

where the correction function f expressed from Eq. (13.46) can be deduced from the

graph in Fig. 13.19 [54–56].

Using the van der Pauw method of conformal mapping with the contacts, A,

B, C, and D placed successively along the periphery of a sample, the Hall coeffi-

cient is given by [57]:

RH ¼ dΔ RBD,ACð Þ=H: ð13:44Þ

Fig. 13.18 Disposition of

the contacts on the edge of

an arbitrarily shaped

sample, as in the van der

Pauw technique. The

current flows from A to B

and the voltage is measured

across C and D: the

resistance RAB,CD is given

by (VD�VC)/iAB
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Here RBD,AC is the potential difference VAC between contacts A and C per unit

current between contacts B and Δ(RBD,AC) is the change in RBD,AC due to a

magnetic field H applied perpendicular to the plane of the sample (Fig. 13.14).

The van der Pauw technique has been successively applied to study the semicon-

ducting properties of lithium intercalation compounds [58–61].

13.6.4 Optical Properties

If ohmic electric contacts cannot be obtained, the solution is provided by optical

properties. An example has been provided in Chap. 4. So far, we had only consid-

ered static properties; now we have to investigate the response of the semiconductor

to an electromagnetic wave of angular frequency ω : E tð Þ ¼ E ωð Þe�iωt. The equa-

tion of motion of the electron is still given by the dynamics law:

m
dv

dt
¼ eE tð Þ � mv

τ
; ð13:45Þ

with τ the relaxation time. The response of the electron to this excitation is at the

same frequency: v tð Þ ¼ v ωð Þe�iωt, and Eq. (13.45) gives:

p ωð Þ ¼ mv ωð Þ ¼ eτE ωð Þ
1� iωτ

: ð13:46Þ

The electric current generated this electromagnetic wave is: j tð Þ ¼ nev tð Þ ¼ σ tð ÞE,
with σ the conductivity:

σ tð Þ ¼ ne2τ

m 1� iωτð Þ : ð13:47Þ

Fig. 13.19 Graph of the

correction function vs. the

ratio of measured

resistances RAB,CD/RBC,AD
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Ifωτ � 1, we recover the Ohm’s law, as expected. Otherwise, friction prevents the

electron from “following” the field: the imaginary part in Eq. (13.47) implies an

out-of-phase response of the electron gas. If we consider the trajectory of the

electron, we write that the position x of the electron oscillate at the same frequency,

i.e., x tð Þ ¼ x ωð Þe�iωt so that v tð Þ ¼ dx=dt ¼ �iωx tð Þ, which can be inserted in

Eq. (13.46) to obtain:

x ¼ � eτE

m iωþ ω2τð Þ : ð13:48Þ

This displacement means a polarization of the medium:

P ¼ nex ¼ � ne2=m

ω2 þ iω=τ
E; ð13:49Þ

and thus a displacement field D¼ ε0E+P, which enters in the Gauss’s law ∇ 
 D
¼ ρ f of the Maxwell equations, with ρf is the density of free charges. After

Eq. (13.49), the dielectric constant ε¼D/E is then:

ε ¼ 1� ω2
p

ω2 1þ i= ωτð Þ½ � ; ð13:50Þ

with ωp the plasma frequency: ne2/mε0. Equation (13.50) is the Drude–Zener

formula. We have written the equations (and thus ωp) in the international system

of units (MKSA). However, in solid-state physics, this system of units is never

used. Instead, the system of units that is used is cgs units in which we set 4πε0¼ 1.

Therefore, the expression usually reported in books on this subject (and papers) is

obtained by the formula we have displayed, in which ε0 is replaced by 1/4π:

ω p
2 ¼ 4πne2

m
: ð13:51Þ

It is important to remember the system of units when some numerical application is

needed. To avoid any problem linked to the units, you may simply use the formula:

ωp=2π � 0:9� 104n1=2; ð13:52Þ

with n in cm�3, the result is in Hz.
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13.6.4.1 Limit ωτ>> 1 for the Free Electron Gas (No Mixing

with Phonons)

The high frequency limit is the case ωτ>> 1, in which case Eq. (13.50) reduces to:

ε ¼ 1� ω p
2

ω2
: ð13:53Þ

To explore Eq. (13.53), we have to remember some basics on optics, namely:

• The dispersion relation for an electromagnetic wave, as deduced from the

Maxwell equations is: c2q2 ¼ ω2ε.

E ¼ E0 exp iqx� iwtð Þ:

• The wave vector is q ¼ ωn̂ ωð Þ=c, with the complex refraction index

n̂ ωð Þ ¼ ffiffiffi
ε

p
.

Therefore, if ε> 0, q is real, and the medium is transparent: the electromagnetic

wave propagates without any absorption. After Eq. (13.53), this is the case when

ω>ωp. For the high carrier densities met in metals, the plasma frequency is in the

visible of near ultraviolet, which explains the transparency of alkali metals (Li, K,)

in the UV. On the other hand, if ω<ωp Eq. (13.53) shows that ε is real but negative
so that n̂ ωð Þ and q are pure imaginary. In that case, E is an evanescent wave that is

just needed to fulfill the boundary conditions (continuity of the fields) at the surface

when the sample is illuminated by a beam at this frequency: the light cannot

penetrate in the sample, and is totally reflected at the surface. That is why well-

polished metallic surfaces are mirrors.

In semiconductors where the concentration n is much smaller, the plasma

frequency may fall in the infrared; in that case, the optical effects associated to

the plasma frequency may interfere with the absorption/excitation of phonons in the

crystal, which adds another frequency-dependence of the dielectric constant. That is

why we have specified in the title that we consider the case where the plasma

frequency and phonon frequencies are sufficiently different to avoid interference

effects. Note that the displacement field and the motion of the electrons are in the

same x-direction, which means that we are dealing with a charge density wave that

is longitudinal. Another way is to do the opposite: consider such a charge density

wave with angular frequency ω, ρ ¼ ρωe
iωt. Remember the equation of conserva-

tion or continuity is:

div jþ ∂ρ=∂t ¼ 0 ¼ div jþ iωρωe
iωt: ð13:54Þ
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If we neglect the polarization of the ions to keep only that of the electron gas

(plasma), the Maxwell equation is:

div E ¼ ρ

ε0
¼ ρω

ε0
eiωt; ð13:55Þ

or, taking the equation of continuity into account: div E ¼ div j
�iε0ω

, which can be

written:

div Eþ j

iε0ω

� �
¼ 0: ð13:56Þ

Taking into account Eq. (13.47):

j ¼ σ ωð ÞE ¼ ne2τ

m 1þ iωτð ÞE; ð13:57Þ

we find, in the limit ωτ >> 1:

div Eþ 1

iε0ω

ne2τE

iωτm

� �
¼ div E 1� ne2τ

mω2ε0

� �
¼ 0; ð13:58Þ

we recover the expression of the dielectric constant. The solution of this equation is

equation is satisfied for ε¼ 0, i.e., at ω¼ωp. Therefore, at the plasma, a longitu-

dinal charge density wave propagates in the electron gas.

13.6.4.2 Reflectivity Near the Plasma Edge in a Solid

We have considered so far the case of free electrons. In a solid, however, there are

not only the conduction electrons that can be considered as free, there are also the

electrons in the core orbits. And they contribute to the dielectric constant. At

frequencies the order of the plasma frequency, the contribution of the core electrons

do not depend significantly onω; this dependence occurs at much larger frequencies

only. However, Eq. (13.50) implies that ε(ω>>ωp)¼ 1. In practice, the optical

spectra are measured at frequencies ω that, even significantly larger than ωp, still

remain in the domain where the core contribution remains independent of ω.
Therefore, what the opticians call naturally ε1, i.e., the value of ε they measure

at ω>>ωp is in reality this contribution of the core electrons; it is only at much

larger frequencies that εwill decreases to unity. We keep this definition of ε1 that is

conventional, and it means that in Eq. (13.50), we have to replace 1 by ε1:

ε ¼ ε1 � ω2
p

ω2 1þ i= ωtð Þ½ � : ð13:59Þ
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(a) Case ωτ>> 1. If we are still in the situation ωτ>> 1 in Eq. (13.59), we find

that:

• The sample is transparent if ω > ω p ε1½ ��1=2
.

• The sample is totally reflecting if ω < ω p ε1½ ��1=2
.

The frequency at which the sample shifts form mirror to transparent is thus

renormalized by the factor ε1=21 in the solid. Another important frequency is

obtained when n¼ ε¼ 0, because, it corresponds to a reflection coefficient

R¼ 0. It happens at frequency:

ω ¼ ωmin ¼ ω p ε1 � 1½ ��1=2: ð13:60Þ

(b) General case. In some cases, we cannot neglect τ. Finite τ means that ε has a
real and an imaginary part, so that we have to take the general optical formula:

n̂ ¼ ε1=2 ¼ nþ ik, ð13:61Þ

with n the refraction index and k the absorption coefficient. The notation is

unfortunate, because n was already employed as the electron concentration,

but this is the conventional notation in the literature, and this should not lead to

any confusion. Equation (13.59) can be written:

Re εð Þ ¼ ε1 � ω2
p

ω2 þ γ2p

 � , Im εð Þ ¼ γ pω
2
p

ω2 þ γ2p

 � ; ð13:62Þ

with γ2p ¼ ω=τ and γp is the damping factor. In experiments, the physical

property that is measured is the reflectivity. The reflection coefficient is:

R ¼ 1� n̂

1þ n̂

���� ����2 ¼ n� 1ð Þ2 þ k2

nþ 1ð Þ2 þ k2
: ð13:63Þ

The reflectivity curve R(ω) can then be computed from Eqs. (13.61) to (13.63),

and compared with experiments to deduce the two fitting parameters τ (entering γp)
and ωp, provided that the experiments have been made up to frequencies large

enough to deduce ε1 from the relation:

R1 ¼ ε1=21 � 1
 �

= ε1=21 þ 1
 �h i2

: ð13:64Þ

We can summarize the results by drawing the shape of the R(ω) curves shown in
Fig. 13.20. Note that ωp gives n/m. Since the static electric conductivity is ne2τ/m,
the analysis of the optical properties allows us to determine the electric conductivity

even when it is not possible to make ohmic contacts. On the other hand, this
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experiment does not allow us to separate between n and m, while the measurement

of the Hall gives access to n alone. The best is to do both: Hall effect measurements

plus the analysis of the reflectivity near the plasma give the three parameters get n,
m and μ.

Finally, in case n, μ are small, optical measurements can be replaced by

measurements of ε (measure of capacity in which the material is placed). In semi-

conductors, optics is the convenient tool to measure ωp since it is located at

frequencies that are of easy access to optical devices. In metals where the plasma

frequency is in the near UV, it may be more convenient to if the plasma edge is the

near UV, it may be more convenient to send an electron beam on the metal, at

normal incidence, and look at the spectral energy of the reflected beam. Normal

incidence is needed to excite the plasma wave at the plasma frequency, because it is

a longitudinal wave. Like any wave, the electron motion must be quantified, which

means that the incident beam can create quanta of vibrations of the plasma,

quasiparticles named plasmons, of energy hωp. In the process, some of the reflected

electrons have lost the kinetic energy hωp, which can be detected by analysis of the

energy profile of the reflected beam.

Fig. 13.20 Reflectivity vs. frequency showing the Drude edge of semiconductor materials in the

infrared spectral region

530 13 Experimental Techniques



13.6.5 Ionic Conductivity: Complex Impedance Technique

Usually, the ionic conductivity is much smaller than that of the electrons. To

determine it, the convenient tool is the complex impedance technique, because it

requires very small current (prevents heating) and very small ionic motion. The

a.c. method is called electrochemical impedance spectroscopy (EIS) because the

impedance spectrum measured in a wide frequency range evaluates the perfor-

mance of batteries and characterizes the various elements such as electrode,

electrolyte and electrolyte/electrode interface. First, let us consider the ionic con-

ductivity in a solid electrolyte. The complex impedance due to the Li-motion is:

Z ¼ Zω¼0

1þ iωτ
¼ R

1þ iωτ
, ð13:65Þ

with R the resistance of the medium and τ the relaxation time (associated to the

ionic mobility). This expression is identical to the complex impedance of a RC

circuit (resistance R and capacity C in parallel), since in that case:

Z ¼ R

1þ iωRC
: ð13:66Þ

Therefore, the determination of R and τ is reduced to the measurement of a

resistance and a capacitance. The way to do it is to make a “Cole–Cole plot.” For

that purpose, we write Eq. (13.68) under the more symmetric form:

Re Zð Þ � R=2 ¼ R
1

1þ RCωð Þ2 �
1

2

 !
¼ R

2

1� RCωð Þ2
1þ RCωð Þ2
" #

,

�Im Zð Þ ¼ ωRC

1þ ωRCð Þ2 :
ð13:67Þ

Therefore,

Re Zð Þ � R=2½ �2 þ Im Zð Þ½ �2 ¼ R2

4
: ð13:68Þ

This is the equation of a circle in the Re(Z), Im(Z) plane, centered at R/2, of radius
R/2; Note RC (or τ) are positive, so that only half of the circle has a physical

meaning. Measurements of Z as a function of the frequency scan this semi-circle

when plotting –Im(Z ) as a function of Re(Z); This is the Cole–Cole plot

(Fig. 13.21).
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This is, however, the “ideal” case. In practice, situations more difficult to

analyze may happen. For instance, in some cases, we observe an impedance of

the form:

Z ¼ R

1þ iωτð Þ1�α; ð13:69Þ

with α 6¼ 0. This situation is very common in glasses, where it is due to a broad

distribution of relaxation times. It is thus characteristics of disorder, often met in the

surface layer of cathode materials. On an experimental point of view, this situation

is easily detected by the fact that the Cole–Cole plot is still part of a circle, but the

diameter has rotated by an angle πα/2. Another situation is met when at the low

frequency limit, the data in the Cole–Cole plot are aligned quasi linearly on a line

almost vertical. In this region, Z is a pure capacitance 1/(iωC); the ions cannot

move: this the case of a blocking electrode, i.e., the Li+ ions are blocked at the

surface. These two situations are illustrated below (Figs. 13.21 and 13.22). Another

case is met when, instead of one semi-circle, there are several of them due to

different events that the ions experience when they travel between the electrodes,

which can be summarized in Fig. 13.23.

Let us finish with a true experimental result, illustrating that the method is

powerful Fig. 13.24 shows the impedance spectra as a function of temperature for

lithium borate B2O3-Li2O-Li2SO4 glass. We recognize the features predicted by the

formalism. The variation as a Cole–Cole curve gives evidence that the ionic

conduction is activated and the activation energy can be deduced from these

experiments [62, 63].

The electrical conductivity of thermally evaporated thin films of the binary borate

glass systemB2O3 
 xLi2Ofor various concentration of lithium oxide 0.7� x� 5was

been studied by Dzwonkowski et al. [63]. Complex impedance experiments have

been carried out on films in a planar configuration using thin film blocking elec-

trodes. The data were described using the electric modulus formalism for which two

approaches are investigated. The first model uses a decay function as a fractional

Fig. 13.21 Principle of the

Cole–Cole plot
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Fig. 13.22 Two configurations of the Cole–Cole plot

Fig. 13.23 The Cole–Cole plot of a polycrystalline material with the corresponding equivalent

circuit that fits the experimental data

Fig. 13.24 Impedance

spectra as a function of

temperature for B2O3-Li2O-

Li2SO4 glass
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exponential function and the second uses the Gaussian-like distribution function of

the relaxation time. Both are compared with the complex impedance plane method.

The experimental complex impedance data are modified by the electrode effect even

in the frequency range of the dielectric relaxation. An easy way to calculate the

non-modified dielectric parameters is proposed. The imaginary and real parts of the

electric modulus are simultaneously treated by the fitting procedure.

The real part of the conductivity varies with frequency as a result of the

distribution of relaxation times [62]. The usually accepted formula proposed by

Jonscher [64] is:

σ ωð Þ ¼ σ 0ð Þ þ Aωn; ð13:70Þ

where n is the exponential factor that depends of the hopping mechanism of alkali

ions. This is the way to extract the dielectric relaxation effect from the experimental

data. The exponential factors n are found to be between 0.6 and 0.7 for B2O3 
 xLi2O
glasses. It is important to note that in the basis of the electric modulus formalism

alone it is impossible to distinguish the local dielectric relaxation coupled with the

non-charge transporting mechanisms from the static conductivity relaxation charac-

terized by a distribution of relaxation time [63]. The conductivity as well as the

average relaxation time of B2O3 
 xLi2O glasses are thermally activated with activa-

tion energies in the range 0.6–0.7 eV.

13.7 Magnetism as a Tool in the Solid-State Chemistry
of Cathode Materials

The cathode elements for lithium batteries include oxygen and a transition element

is their chemical formula. The transition ion is magnetic (with only few exceptions

like Fe2+ of Co3+ in the low-spin state). In addition, the materials are often semi-

conductors with small electron (or hole) concentration, so that the magnetic

exchange interactions are essentially superexchange interactions that are short-

range. The magnetic properties of the cathode material will then be dominated by

the interaction between each magnetic ion and the other ions close to it. It gives us

the opportunity to use the magnetic ion as a probe of the atoms in its vicinity at the

atomic scale. That is why it is an important tool to characterize the sample, by

detecting impurity phases or local defects. It comes in complement to other more

conventional tools. An example has been provided in the chapter on olivine cathode

elements, as the investigation of the magnetic properties have been determinant to

identify the different impurities that poisoned this material and to quantify their

concentrations. This information allowed the chemists to adjust the synthesis

parameters to get rid of them, to finally reach the situation where the material

could be prepared free of defects, opening the route to its commercialization. The

XRD, SEM, TEM are probes of the crystallinity of the samples at the nanometer
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scale; the infrared optical spectroscopy is a probe at the molecular scale; the

magnetism is a probe at the atomic scale, and it thus nicely complementary to the

other tools.

The purpose of this section is to show through different examples how to use this

powerful means of investigation to characterize the cathode materials. Of course it

cannot be complete. It is limited to the information we can get from the simplest

magnetic measurements: the magnetizationM(H,T ) and the magnetic susceptibility

χ(H,T ) as a function of temperature and magnetic field. They are the basic exper-

imental set-ups that should be available in research center in solid-state chemistry.

There are also more sophisticated tools, such as M€ossbauer spectroscopy, nuclear
magnetic resonance, both related to magnetic properties. However, they come in

complement to the measurements of M(H,T) and χ(H,T ), and are then out of the

scope of this section that we wanted to be basic. In addition, these more sophisti-

cated approaches require some expertise, so that collaboration with people special-

ized in this field is highly recommended. That is also the case to some extent for the

electron spin resonance (ESR) spectroscopy.

13.7.1 LiNiO2

Let us start with this material with which we are familiar since the Sect. 13.5.2.2 of

this chapter. We have already noted that the lattice of this compound is fragile, with

a problem that is recurrent in Ni-based cathode materials: Ni has a tendency to

occupy Li lattice sites [65]. The problem with Ni2+ is that it has a tendency to mix

up with Li, so that instead of having all the Li+ ions on their (b)-lattice sites, and Ni2+

on their (a)-sites, part of Ni2+ ions are found on the lattice sites of the lithium,

forming Ni(3b) defects, also named NiLi. The reason is that the ionic radii of Li+

and Ni2+ are almost the same: 0.76 Å for Li+, 0.69 Å for Ni2+. This is damageable

the electrochemical properties, because the NiLi defect is a diffusing center for the

Li+ ions, which affects their mobility. As a consequence, it is very difficult to

prepare stoichiometric LiNiO2 and the actual chemical composition of the final

product after synthesis is usually Li1�zNi1+zO2. The parameter z is thus very

important. The most accurate determination of z is obtained by the analysis of

magnetic properties.

The magnetic susceptibility satisfies the Curie–Weiss law above T¼ 50 K, up to

room temperature [66]. This large range of temperature allows for the determina-

tion of the slope of χ�1(T ), and thus of the Curie constant with a very good

accuracy. The result is Cp¼ 4.26� 10�3 emu g�1, from which we deduce the

effective magnetic moment carried by Ni2þ : μexpeff ¼ 1:81μB. The paramagnetic

Curie temperature is θp¼ +30 K, indicating the presence of ferromagnetic interac-

tions; we shall return to it later. Let us first discuss the value of μeff. It is larger than
expected, because in stoichiometric LiNiO2, the charge neutrality implies that all

the nickel ions are in the Ni3+ state of charge. Ni3+ in the low spin state has
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1 unpaired electron, so S¼ 1/2, and the effective magnetic moment associated to it

is μeff¼ S(S + 1)]1/2 μB¼ 1.73 μB. The experimental value μeff¼ 1.81 μB is then

evidence that all the nickel ions are not in the Ni3+ configuration: only a fraction x of
them is in the Ni3+ state, the other fraction 1� x is in the Ni2+ state due to some

deviation from stoichiometry. According to the chemical formula Li1�zNi1+zO2, the

charge neutrality equation is:

1� zþ 1þ zð Þ 3xþ 2 1� xð Þ½ � � 4 ¼ 0 or : xþ 2 ¼ zþ 3ð Þ= 1þ zð Þ: ð13:71Þ

Since, z is very small, as we shall see, we can make a development to first order:

xþ 2 � zþ 3ð Þ 1� zð Þ � 3� 2z ! x ¼ 1� 2z; 1� x ¼ 2z: ð13:72Þ

Therefore:

μexpeff ¼ 1� 2zð Þμ2eff Ni3þ
� �þ 2zμ2eff Ni3þ

� �� �1=2
: ð13:73Þ

Taking into account that μeff(Ni
3+)¼ 1.73, μeff(Ni

2+)¼ 2.83, μexpeff ¼ 1:81μB,
Eq. (13.73) gives the value z¼ 0.027. Note the slope of Curie constant is propor-

tional to (μeff)
2, so the difference between 1.81μB with respect to 1.73 means a

change in the slope of the χ�1(T ) curve by a factor (1.81/1.73)2, i.e., a 9 % change in

the slope that is easily detected. That is why magnetic properties are so sensitive to

the deviation from stoichiometry.

Let us now investigate the magnetic properties at low temperature. At tempera-

ture TB¼ 8 K a peak of susceptibility is observed (see Fig. 13.25). In that case it is

important to use two experimental procedures referred field cooled (FC) and zero-

field cooled (ZFC). In the FC experiment, the magnetic field is applied at high

Fig. 13.25 M/H whereM is

the magnetization measured

at the magnetic field

H¼ 10 kOe for an

off-stoichiometric

LiNO2. ZFC and FC stand

for zero-field cooled and

field cooled, respectively,

as explained in the text
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temperature, i.e., at a temperature larger than TB. Then, the magnetization is

measured during cooling. In the ZFC experiment, the sample is first cooled down

to the lowest temperature available in the experiments, and no magnetic field is

applied during the cooling process. Then the magnetic field is applied, and the

magnetization is recorded during the heating, up to a temperature larger than TB.
If the peak of susceptibility is associated to an antiferromagnetic ordering at the Néel

temperature, there should be no difference between FC and ZFC results. The

measurement of FC and ZFC susceptibility curves in Li1�zNi1+zO2 reveals that the

physical meaning of the peak at 8 K is different, since this is the temperature where

magnetic irreversibility occurs, evidenced by a departure between FC and ZFC

curves. This is characteristic of the blocking of ferromagnetic nanoparticles. These

“particles” here are due to the ferromagnetic coupling of the Ni on site Li (noted

NiLi), with the neighboring Ni ions in the Ni layers. At T> 8 K, these domains are in

the superparamagnetic state, and TB is their blocking temperature. At high temper-

ature where the ferromagnetic ordering between NiLi and the neighboring Ni ions is

broken by thermal fluctuations, their response is paramagnetic. It is presumably

responsible for the positive value of θp found for this sample. Since the number of

next-nearest neighbors of a NiLi site is known from the geometry of the lattice, the

number of Ni ions involved in each cluster is known; it is then straightforward to

determine the concentration of NiLi from the magnetization curves M(H ) at low

temperature T<<8 K, by following the same analysis that we have illustrated in

Chap. 7 to determine the concentration of different impurities in LiFePO4.

13.7.2 LiNi1�yCoyO2

LiNiO2 has two problems. We have just evidenced that Ni has a tendency to occupy

Li sites and generate a deviation from stoichiometry, which alters the electrochem-

ical properties. The second problem is due to the fact that Ni3+ is a Jahn–Teller ion,

which means that the d-electrons in this configuration create a local lattice distor-

tion. The accumulation of such distortions upon cycling favors the formations of

cracks, grain boundaries and other extended defects that reduce the lifetime of the

battery when this material is used as the active element of the cathode.

That is why efforts have been made to reduce the concentration of Ni3+ ions by

substitution of Ni for another transition element. Let us illustrate the case where the

cobalt is chosen as the ion for substitution [67]. This is a natural choice since the

end the series, LiCoO2 is a well-known cathode element of the first generation of

Li-ion batteries. The magnetization curve M(H ) of LiNi1�yCoyO2 is illustrated in

Fig. 13.26 for y¼ 0.2. We recover the typical magnetization curve characteristic of

the presence of magnetic clusters. At small magnetic field, the magnetization

M increases strongly with H. This is due to the ferromagnetic clusters (the same

clusters as in Li1�zNi1+zO2) in a superparamagnetic state: the large magnetic

moment associated to each isolated ferromagnetic cluster aligns along the applied

magnetic field. Above 30 kOe, the magnetization associated to the ferromagnetic
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clusters is almost (but not completely) saturate. At larger field, the variations of M
(H ) are dominated by the intrinsic contribution μintH of LiNi1�yCoyO2, which is

linear in field since the material is paramagnetic at this temperature. However, the

fact that the magnetization of the magnetic clusters does not saturate completely

contrary to the cases we have met in LiFePO4 or in the Sect. 13.7.1 implies that we

have to use a more elaborate model that takes into account the magnetic anisotropy.

The approach to saturation of ferromagnetic clusters can be written [68, 69]:

Ms(1�a/H�b/H2), so that the magnetization at H> 30 kOe takes the form:

M Hð Þ ¼ Ms 1� a

H
� b

H2

� �
þ χintH; b ¼ β

K

Ms

� �2

: ð13:74Þ

The a-term comes from the series development of the Langevin function, the b-term is

the anisotropy effect, with K the anisotropy constant. β is a constant that depends only
on the material. The fit of the experimental curve with Eq. (13.74) leads to the

determination of the fitting parametersMs and b. On the other hand, theNéel relaxation
time for a superparamagnetic particle to respond to the magnetic field is [70]:

τ ¼ τ0exp
Ea

kBT

� �
; ð13:75Þ

where τ0¼ 10�9 s is an atomic relaxation time. τ is equal to a typical measurements

time 100 s when:

Ea ¼ 25kBT: ð13:76Þ

Fig. 13.26 Magnetization

curve of LiNi0.8Co0.2O2
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This relation defines the temperature TB at which the magnetization of the particle

does not have time to reach equilibrium before its measurement. The energy barrier

is proportional to the volume V of the particle and to the magneto-crystalline energy

density, taking the simple form Ea¼VK¼ 25kBTB in case of uniaxial anisotropy. It

is also responsible for de deviation ofM fromMS according to Eq. (13.74). The link

between the two can be written:

V ¼ 25kBTB

Ms

ffiffiffi
β

b

r
; ð13:77Þ

TB is the blocking temperature determined experimentally like in Li1�zNi1+zO2, and

β¼ 0.0762 in the present case. This relation can then be used to determine the

average volume V of the ferromagnetic clusters, once the parameter b has been

determined by fitting the magnetization curve, and finally the radius of the clusters

assuming they are spherical, reported in Fig. 13.27.

The variation of the size of the clusters is not necessarily expected and has not

been discussed in the original paper [67]. Indeed, if the clusters are far from each

other, their size is just dictated by the geometry of the lattice: NiLi and the surround-

ing Ni3+ ions. The increase in size when the cobalt concentration is already an

evidence that the nature of the ferromagnetic clusters is different from the clusters

met in [65, 66], a difference linked to the fact that the synthesis process used both

works are different. The information on the origin of the clusters can be deduced

from the blocking temperature. The onset of irreversibility, determined by the onset

of a difference between FC and ZFC curves in Fig. 13.28, takes place at TB¼ 220 K.

The magnetization curve (not reported here) shows thatM is linear in H at room

temperature even at low magnetic field, which implies that there is no ferromag-

netic cluster with Curie temperature as large as 300 K, which excludes

Fig. 13.27 Size of the

magnetic clusters as a

function f the composition

in LiNi1�yCoyO2
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nanoparticles of nickel. Actually, a ferromagnetic moment takes place approxi-

mately at TB. Therefore, as soon as the ferromagnetic clusters are formed, they

“block,” proving that the particles are actually large (remember that V¼ 25kBTB/K
with K the anisotropy constant, so that the size d of the particle is proportional to

T
1=3
B for clusters with the same composition, i.e., same factor K ). This is consistent

with the values d(y) in Fig. 13.27. The large value of the Curie temperature

TC ~ TB ~ 220 K definitely excludes the possibility that they take their origin from

NiLi. In effect, we have seen in Sect. 13.7.1 that, in presence of NiLi, the system

remains paramagnetic, and the Curie–Weiss law remains valid down to 50 K. We

are thus in presence of ferromagnetic clusters of a secondary phase. To identify it,

we have to look in the literature for some Ni compounds with a magnetic ordering at

about the same temperature. The answer is provided in Fig. 13.29, which illustrates

the magnetic properties of NiO with some impurities in it [71]. The analogy is

obvious, even if the Curie temperature is 250 K rather than 220 K. This shift can

easily be understood if we note that the Curie temperature is very sensitive to the

actual composition of the NiO-based material. Therefore, the nature of the clusters

of size larger than 1 nm evidenced in LiNi1�yCoyO2 for y< 0.25 in [2] is attribut-

able to non stoichiometric NiO with some Li in it like in the Li0.05Fe0.02Ni0.93O

sample above mentioned (note surprising since there is one Li per chemical formula

in LiNi1�yCoyO2), and eventually some impurity in it (Fe or another ion).

These clusters, however, are observed in LiNi1�yCoyO2 only at small concen-

trations of cobalt. On the other hand, in the curve illustrating the variation of the

size d(y), we can see that d is almost independent of y for y> 0.25, and is typically

1 nm. In addition, the blocking temperature 8–10 K for such large values of y is

about the same as in the Li1�zNi1+zO2 sample studied in the previous section, which

Fig. 13.28 Magnetic

susceptibility M/H
measured at H¼ 10 kOe of

LiNi1�yCoyO2 (case y¼ 0)

540 13 Experimental Techniques



proves that the ferromagnetic clusters are the same: we recover the ferromagnetic

clusters due to NiLi defects.

We can thus draw the following conclusions:

(a) In LiNi1�yCoyO2, the NiLi defects spin-polarize the Ni spins in their vicinity

form ferromagnetic clusters of typical size 1 nm. They give a superpara-

magnetic contribution to the magnetic properties down to the blocking tem-

perature (about 8–10 K for this size of temperature). That is the case for the

sample y¼ 0 in refs. [65, 66] and also in the samples y> 0.2 in ref. [67].

(b) On the other hand, the preparation process used in ref. [2] induces a secondary

phase, under the form of particles of nonstoichiometric NiO. The size of the

NiO-based nanoclusters may reach about 3 nm in that case. However, the

introduction of Co in substitution for Ni reduces this secondary phase, and is

evidenced by a decrease in the size of the NiO-based nanoclusters that eventu-

ally disappear at y~ 0.2. On the other hand, the introduction of Co did not allow
us to get rid of the NiLi defects that are still observe at higher Co concentrations.

13.7.3 Boron-Doped LiCoO2

In continuity with the previous section, let us now consider LiCoO2. It is the case

y¼ 1 of the previous section, except hat we consider the case where boron doping

has been added, because it improves the electrochemical properties, by preventing

Fig. 13.29 Magnetization of Li0.05Fe0.02Ni0.93O. Reproduced with permission from [71].

Copyright 2009 Elsevier
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the Verwey transition upon delithiation. The Verwey transition, originally discov-

ered by Verwey in Fe3O4 is a generic name for the charge ordering that happens

when the magnetic ion is 50 % in one state of charge and 50 % in another one. This

situation is met in Li0.5CoO2 (Co
3+ and Co4+), which means that it is not possible to

decrease the delithiation process beyond this composition.

The analysis of the magnetic properties of boron-doped LiCoO2 has been made

in [72]. The magnetization curves are reported in Fig. 13.30 for the composition

LiCo0.75B0.25O2 chosen as an example. The curves are linear in H, but extrapolates
to a magnetizationMS, again an evidence of ferromagnetic clusters. Note the value

of MS does not depend on temperature up to rrom temperature, so that the Curie

temperature of the magnetic impurity is much larger than 300 K. This information

tells us that it can be identified as nickel under the form of Ni nanoparticles due to

the presence of Ni as a residual impurity in the commercial cobalt used as a

precursor to prepare the samples. Of course the quantity of nickel is not large, its

amount deduced from the experimental value ofMS, is 60 ppm of Ni in the sample.

It is, however, sufficient to give rise to this parasitic magnetic signal, another

illustration of the sensitivity of the magnetic properties. Also the Ni particles are

very small (not surprising since the amount of Ni is so small), so that he blocking

temperature is too small to be detected in the experiments.

The second step is the study of the intrinsic magnetic susceptibility defined as

χ¼ (M�Ms)/H. Note that the subtraction of Ms is important and χ is actually

markedly different from Ms/H because the magnetic susceptibility of the material

is small. The reason is that Co is trivalent and its ground state is nonmagnetic

(S¼ 0). However, an exited state is magnetic, giving rise to a Van Vleck paramag-

netism that overcomes the diamagnetic contribution of the core. The particularity of

the Van Vleck paramagnetism is that it does not depend on the temperature, and its

Fig. 13.30 Isothermal

magnetization curves of

LiCo0.75B0.25O2 cathode

material. The saturation

moment is due to Ni clusters

(60 ppm of Ni) that come

from the Ni impurities in

commercial cobalt oxide

(<0.4 %)
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contribution to the magnetic susceptibility is thus a constant χ0 [73]. However, χ
depends strongly on temperature, as it can be seen in Fig. 13.31.

We are thus obliged to add a Curie–Weiss term to χ0, which must come from a

defect, and write χ(T ) under the form:

χ Tð Þ ¼ χ0 þ
C

T þ θ

� �
: ð13:78Þ

The experimental value of the Curie constant is so small that it should not come

from any impurity. We presume it is due to the presence of Co4+ in concentration

0.09 % due to the same amount of Li vacancies. The fit obtained for this concen-

tration and the value χ0¼ 5� 10�5 emu/mol (the value expected for Co3+) is

excellent. The last fitting parameter is θ¼ 2 K. Such a small value is expected,

because the concentration of Co4+ spins is so small that they do not interact

significantly, which implies that their contribution to the magnetic properties is

close to that of the Curie law C/T.

13.7.4 LiNi1/3Mn1/3Co1/3O2

This is the last lamellar compound that we shall consider here, but also the most

promising as a cathode element. The formula is issued from the following consid-

erations: Ni is the active element for electrochemistry (see Sect. 13.7.1), Co is

introduced to reduce the amount of Ni on lithium 3b sites (see Sect. 13.7.2), Mn is

introduced for stabilization of the lattice. Ni(3b) forms Mn4+-Ni2+ pairs with

Fig. 13.31 Intrinsic

magnetic susceptibility of

LiCo0.75B0.25O2 cathode

material
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neighboring manganese ions, and these pairs are ferromagnetic after the

Goodenough rules. Therefore, the magnetic properties are well suited to the detec-

tion of Ni(3b) [74, 75]. The magnetization curves in Fig. 13.32 have a shape similar

to those of the previous lamellar compound LiNi1�yCo1�yO2 with NiLi defects, and

for the reason: ferromagnetic clusters due to NiLi defects. The only difference is

that, in the present case, the ferromagnetic cluster is a Mn4+-Ni2+ pair. We might do

the same analysis as in the previous materials, but we can even do simpler: since the

magnetic fields available are large enough to reach technical saturation of the

magnetization associated to the ferromagnetic clusters, we can obtain MS by

interpolation of the linear (intrinsic part) of the magnetization curve at high fields,

at it is illustrated in the figure. Note it has to be done at the lowest temperature

(4.2 K) available in the experiments, since the saturation of the extrinsic part is

reached only at higher fields at larger temperature. Since the spins of the ions

involved in the ferromagnetic pair are S(Mn4+)¼ 3/2, S(Ni2+)¼ 1, the total spin of

the ferromagnetic pair is 3/2 + 1¼ 5/2, so that the magnetic moment associated to

each ferromagnetic pair generated by Ni(3b) is 5 μB. The concentration of Ni(3b)

defects is thus equal to the ratio between MS and 5 μB. The result for this sample is

1.8 % of Ni in the (3b) site. This value is in quantitative agreement with the value

given by Rietveld analysis of the XRD spectra, and in the present case, it proves that

the sample preparation has been optimized (we have found that a concentration of

Ni(3b)lower than 2 % is not damageable for the electrochemistry).

The analysis of magnetic properties is also useful to study the local structure of

the lamellar materials at different stages of the lithiation/delithiation process [76]. It

has also been used successfully to characterize electrode materials of different

families. In spinel compounds, for instance, we can mention the detection of

Fig. 13.32 Isothermal

magnetization curves of

LiNi1/3Mn1/3Co1/3O2

cathode material.

Concentration of Ni2+

defects in the (3b) Li sites is

estimated from Ms
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MnO3 impurities the LiMn2O4 spinel [77], or Li2MnO3 impurity that dispropor-

tionates in Li1+yMn2�yO4 [78]. More recently, it has also been used to study the

phase transitions in Li2MnO3 electrodes at various states-of-charge [79].
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Chapter 14

Safety Aspects of Li-Ion Batteries

14.1 Introduction

Lithium-ion batteries have dominated the battery industry for the past several years

in portable electronic devices due to their high volumetric and gravimetric energy

densities. It was expected that the success of these batteries in small scale applica-

tions would translate to large scale applications, which would have an important

impact in the future of the environment by improving energy efficiency and

reducing pollution. Safety of lithium-ion rechargeable batteries has been the tech-

nical obstacle for high power demand applications [1]. Lithium ion batteries under

normal usage are generally safe. However, safety of Li-ion battery under abusive

conditions is still a technical barrier for applications such as hybrid electric vehicles

(HEV) and electric vehicles (EV), and the safety too often relies on the battery

monitoring system (BMS). This thermal runaway not only is a safety hazard but

also hinders the performance of lithium ion batteries eventually.

Even though the mechanism of thermal runaway is initiated by the anode in

combination with the electrolyte [2], the rapid temperature rise in the cell, which

dominates the overall heat generated during this process, is produced by the cathode

reacting with the electrolyte [3, 4]. Therefore, it is of utmost importance to find a

more structurally stable cathode in order to use lithium batteries at their fullest

potential [5].

Lithium ion cells have historically used lithium metal oxides as cathode mate-

rials due to their high capacity for lithium intercalation, and suitable chemical and

physical properties required for Li-ion electrodes. Layered materials with LiMO2

structure, where M¼Co, Ni, Mn, or a combination of these metals, have been the

most extensively used and investigated cathodes. These types of cathodes show

excellent performance, but suffer from higher cost, toxicity (LiCoO2), and thermal

instability (LiNiO2). In order to avoid these problems, another lithium metal oxide

material with spinel structure LiMn2O4 has been proposed to substitute the layered

materials. This oxide is inexpensive and environmentally friendly, but has
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disadvantages related to capacity fade issues, especially at high temperatures.

Recently, an olivine structure material (LiFePO4) has emerged as a possible

cathode replacement, and abundant focus of research [6–12] on LiFePO4 in the

past and in recent years has been made owing to its desirable properties such as

(1) relatively inexpensive material cost, (2) high average cycling voltage due to flat

potential of 3.4 V vs. Li0/Li+, (3) reasonably high theoretical capacity 170 mAh g�1,

(4) relatively less toxic compared to LiCoO2 systems, and (5) most of all, ability to

suppress thermal runaway to make the Li-ion battery thermally safe. This property

is attributed to the high covalent feature of the P–O bonds in the tetrahedral (PO4)

units, which stabilizes the olivine structure and prevents oxygen release from the

charged (delithiated) olivine materials up to 600 �C [13, 14]. This is still contro-

versial in other members of the olivine family LiMPO4. In particular, a thermal

instability has been reported in the charged (i.e. delithiated) state of LiMnPO4 and

LiCoPO4 [15–18]. However, in a recent study, the LiFePO4 and LiMnPO4 cathode

materials were found to have comparable thermal stability in their pristine and fully

delithiated states [19]. On the other hand, there is an overall agreement on the

remarkable thermal stability of LiFePO4 and its delithiated counterpart [15, 16],

and the recognition that LiFePO4 is a safer cathode material than the commonly

used lithium metal oxide cathodes with layered structures [3, 20, 21].

Nevertheless, LiFePO4 material suffers from poor electronic conductivity

[22]. This leads to poor rate capability that has limited the use of LiFePO4 for

high power density HEV and EV applications. Hence, a conductive carbon coating

on the surface of LiFePO4 was introduced to enhance the conductivity of the

electrode and tailor LiFePO4 electrode more suitable to high power density HEV

and EV applications [8–12, 24–26]. This chapter discusses the improvement in

electrochemical and thermal properties of Lithium iron phosphate (LiFePO4)

protected with a thin layer of carbon as a cathode material.

14.2 Experiments and Methods

14.2.1 Coin Cell Fabrication

LiFePO4/Li and graphite/Li half-cells were prepared using a carbon-coated

LiFePO4 electrode and graphite anode supplied by Hydro-Quebec, Canada. The

scanning electron microscope (SEM) image in Fig. 14.1 shows that the average size

of the carbon-coated LiFePO4 particles is 150 nm. The positive electrode contained

89 % LiFePO4 particles 150 nm in diameter coated with carbon as active cathode

material, 3 % vapor grown carbon fiber, 3 % carbon acetylene black (CAB) and 5 %

PVdF binder and metallic lithium foil was used as negative electrode. The elec-

trodes were dried at 120 �C under a vacuum and then transferred to argon filled

glove box. The coin cells were 20 mm in diameter and 3.2 mm thick (2032-size coin

cells). A Celgard (3501) surfactant coated porous polypropylene separator,
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1.2 mol L�1 LiPF6 in ethylene carbonate (EC) and ethyl methyl carbonate (EMC)

(wt% 3:7) electrolyte, and lithium metal foil were also used within the stainless

steel case to fabricate 2032-size coin cell. All cells were assembled in an argon-

filled glove box and galvanostatically cycled at 0.1C rate from 2.5 to 4 V five times

at constant temperature of 25 �C in a BT-2043 Arbin cycler. The graphite anode

laminate was composed of carbon-coated graphite, VGCF, and binder. The anode

half-cell preparation also went through the same process as the cathode half-cell.

The cells were cycled five times at constant temperature of 25 �C at rate of 0.1C
from 1 to 10�3 V in BT-2043 Arbin cycler. Fully delithiated cathode material from

coin cells was used to measure thermal stability of cathode using DSC. Coin cells

using spinel (LiMn2O4) and layered (LiNi0.8Co0.15Al0.05O2) oxides synthesized at

Illinois Institute of Technnology, Chicago, were also prepared to compare thermal

stability of different cathode chemistries.

14.2.2 Differential Scanning Calorimetry

The thermal stability of the LiFePO4 cathode, along with other cathode materials

and anode material was studied using differential scanning calorimetry

(DSC-Perkin-Elmer Pyris 1 differential scanning calorimeter). After cycling the

cells five times at 0.1C rate and obtaining the proper capacity, the cells were fully-

charged and subsequently subjected to 8 h of trickle charge at constant voltage of

4.2 V to ensure the cathode material is completely delithiated. Then, they were

introduced into the dry glove box. The cells were opened carefully and the cathode

material was recovered. The electrodes were slightly dried and then scratched to

obtain the cathode material. Three to six milligrams of active material samples from

each electrode were packed into small stainless steel DSC capsules and then

hermetically sealed. The samples were scanned in the DSC equipment under

nitrogen purging from 50 to 400 �C at a 10 �C min�1 heating rate.

Fig. 14.1 SEM image of

the C-LiFePO4 particles

used as the active cathode

element of the LiFePO4//Li

coin cells and the LiFePO4//

C 18650-type cells in the

present work
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14.2.3 Experiments on Commercial 18650 Cells

Hydro-Quebec (HQ), Canada, supplied the cylindrical 18650-size cells consisting

of carbon-coated LiFePO4 as the cathode material and the carbon-coated graphite

as the anode material. The laminate composition in the 18650-cell was the same as

used in the coin cell mentioned in Sect. 14.2.1. The thermal properties of HQ

cylindrical 18650-size cells of 1.4 Ah capacity were investigated under various

states of charge and discharge using an isothermal calorimeter (IMC). The thermal

runaway behavior of the same cell at fully charged state was investigated using an

accelerating rate calorimeter (ARC). The dynamic power capabilities of carbon-

coated LiFePO4//graphite based commercial 18650-size cells, supplied by

Hydro-Quebec were studied with HPPC test [27].

14.2.3.1 Hybrid Pulse Power Characterization

One of the applications where Li-ion batteries are considered as an immediate

solution is in large-scale applications where high power is required. HPPC test

emulates the requirements of cells used in HEVs and PHEVs on the road. HPPC

test was performed on fully charged cell by applying sequence of pulse containing

discharge 10 % of capacity, followed by 1 h rest, 3C discharge pulse for 18 s, 32 s

rest, and series of regenerative charging pulses for 10 s. The next pulse begins again

after 10 s rest and discharges again 10 % capacity of the cell. The scheme of the

HPPC profile is illustrated in Fig. 14.2. The HPPC test profile was developed

to study the useable power and voltage range of cells at different depths of

discharge (DOD).

Fig. 14.2 Hybrid pulse

power characterization

(HPPC) profile [27] for

cylindrical 18650 cells
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14.2.3.2 Isothermal Microcalorimetry

The isothermal microcalorimeter (IMC, Model CSC 4400, Calorimetry Science

Corp.) was used to measure the rate of heat released/absorbed by the 18650 cell

during charge–discharge process, monitored simultaneously in a BT-2043 Arbin

cycler. The cell chamber temperature of the IMC was controlled to be at 25 �C. The
difference in the heat flow rate between the sample cylindrical cell and the refer-

ence cylindrical cell was recorded as the output heat flow rate from cell reactions.

To examine the effect of discharge rate on the heat flow rate, the 18650 cell was

cycled at different discharge rates (0.1, 0.2, and 0.5C). Two hours of rest was

maintained between every charge and discharge to recover the residual heat

completely from the cell. This relaxation period ensures prevention of mixing of

charge and discharge heats.

14.2.3.3 Accelerating Rate Calorimeter

Accelerating Rate Calorimeter (Arthur D. Little ARC2000) was used to measure

the thermal stability of the commercial cylindrical 18650-size cell. The 18650 cell

was fully charged to 4.0 V, followed by 24 h of trickle charge at constant voltage of

4.0 V and subsequently transferred to ARC. The ARC setup consists of three

heaters, top, base and side heaters, each equipped with individual thermocouples

to ensure uniform heating across the entire chamber and thus the cell is heated

uniformly as well. The ARC was operated based on Heat-Wait-Search (HWS)

mode which consists of heating the cell from 40 to 450 �C at a heating rate of

5 �C min�1 in the heating mode for every 10 �C step. The waiting mode allows the

temperature to equilibrate for 20 min and then ARC searches for an exothermal heat

release from the cell (>0.02 �C min�1) for 15 min during the search mode. If the

calorimeter detects self-heat rate greater than or equal to 0.02 �Cmin�1, it will track

that exothermic heat released by the cell reactions, otherwise the temperature is

stepped up by 10 �C for the next HWS mode. Thus the HWS mode continues until

the cell undergoes thermal decomposition (sample-to-chamber temperature differ-

ence >100 �C) is detected or the final temperature (450 �C) is reached.

14.2.3.4 Safety Tests

Video of nail penetration, which was performed to investigate the safety behavior

of a cell under penetration of a strong nail into the cell, is shown in the results

section of this article. Prior to the test, the cell was fully-charged at a rate of C/6.
Once the desired state of charge was reached, the cell was carefully placed and

safely fastened on to a specially designed stand. The thermocouple was placed

behind the cell, which makes it not visible in the attached video. During the nail

penetration test, the cell was perforated with nail and the position of the nail was
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maintained inside the cell for the entire duration of the experiment. The voltage,

current, and temperature of the cell were measured over time to assess the damage

induced during and after nail penetration. For the crush test, the cell was crushed to

approximately 50 % of its thickness. Both the nail penetration and crush test were

performed in a way to emulate enforced internal short-circuit of the cell. After the

test, the cell was allowed to cool in ambient conditions for a minimum of 1 h so that

the temperature drops and no further reaction occurs. The experiments were

performed in a closed room specifically designed for destructive tests. The room

was ventilated after the tests to evacuate any gases that were liberated during the

experiment.

14.3 Safety of LiFePO4-Graphite Cells

Figure 14.3 shows the electrochemical performance of the carbon-coated LiFePO4

in a half-cell for the first seven charge–discharge cycles at C/10 rate. The behavior

clearly indicates a single long plateau around 3.4 V vs. Li0/Li+. Carbon-coated

LiFePO4 exhibited more than 97 % coulombic efficiency and a consistent reversible

discharge capacity ~152 mAh g�1, which is more than 89 % of its theoretical

capacity, when cycled between 2.5 and 4.0 V. This capacity is in agreement with

our prior works [28]. It is, however, significantly smaller than the theoretical value

close to 170 mAh g�1 because the tests were performed on a 2032 coin cell, and we

have already reported that the capacity in such cells is systematically smaller by

about 10 mAh g�1 lower than the value measured in 18650 cells with the same

powder [29]. It can be seen that the carbon-coated LiFePO4 electrode exhibited a

discharge voltage plateau at 3.43 V vs. Li0/Li+ corresponding to the two-phase

LiFePO4/FePO4 transformation [12]. These results are an improvement of the

performance of uncoated LiFePO4 electrodes [12, 23, 30, 31] and some carbon-

coated electrodes [24] found in literature.

Fig. 14.3 Electrochemical

Performance of initial seven

0.1C rate charge–discharge

cycles for carbon-coated

LiFePO4/Li 2032 coin cell

(the curves of the seven

cycles are superposed)
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Figure 14.4 shows the rate capability of the carbon-coated LiFePO4//graphite

cylindrical 18650 cell at 0.1, 0.2, 0.5, 1, 2, and 5C rates. The same cycling rates

during charge and discharge were used for all measurements and the cells were

cycled in the same potential window as used in coin cells. The cell had consistently

high reversible discharge capacity of 1.42 Ah when discharged at 0.1C rate. These

cylindrical cells also showed very good capacity retention when cycled at 0.1C rate

and only 1.3 % capacity loss was observed after 70 cycles of charge and discharge

at 0.1C rate. The coulombic efficiencies obtained at all the different charge–

discharge rates exceeded 99.3 %. Figure 14.5 shows the discharge capacity of

C-LiFePO4//graphite 18650-size cell at various cycling rates and for multiple

cycles. It can be seen that the cell maintained similar discharge capacities when

cycled at rates slower than 1C-rate, and the cell was able to retain 90 % of the initial

capacity for rates up to 5C rate. These results just illustrate that carbon-coated

active material exhibited higher capacity retention at higher discharge currents,

compared with non-coated particles [32, 33]. Most importantly, the cell regained

the 1.42 Ah capacity when the cell was cycled at the initial 0.1C charge and

discharge rate. The loss of capacity at high discharge rates is attributed to the

increase in the internal resistance and is followed by full capacity recovery.

Fig. 14.4 Rate capability

result on C-LiFePO4//

graphite 18650 cell at

different discharge rates.

The different plateaus at

low C-rates correspond to

the different phases of LixC6

on the negative electrode

Fig. 14.5 Discharge

capacity of C-LiFePO4//

graphite 18650 cell for

different C-rates to illustrate
capacity retention at higher

C-rates
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Post rate capability tests indicated that the cathode material did not undergo any

degradation during high discharge rates.

A cylindrical 18650-size cell using carbon-coated HQ LiFePO4 as positive

electrode was subjected to HPPC test after 70 cycles at 0.1C rate, and then cycled

again up to 100 cycles at 0.1C rate, after which one more HPPC test was performed

on the 18650-size cylindrical cell. Figure 14.6 illustrates the applied current and

measured voltage profile after the cylindrical cells were cycled up to 70 and

100 cycles. Even after 70 cycles of charge and discharge, the HQ cell was able to

withstand nine high-rate discharge and regenerative charge pulses and the cell was

able to withstand eight high-rate pulses after 100 cycles.

This cell was able to deliver 3.2 V down to 80 % DOD and the calculated cell

resistances (ΔV/ΔI) at different SOC indicated that cell resistance remained lower

than 34.3 mΩ to 80 % DOD for both 18 s discharge pulses and 10 s regenerative

charge pulses. Again cell resistance of discharge pulses were consistently higher

than that of regenerative charge pulse and the values ranged between 14 and 34 mΩ
only. The difference between the resistance of charge and discharge is due to the

HPPC procedure reported in Fig. 14.1: the discharge is a continuous process while

the charge is pulsed regime. This cell also showed consistent pulse power capacity

as evident from very low differential discharge pulse power drop and regenerative

pulse power gain, which is illustrated in Fig. 14.7. Average power values indicated

that 80 % of discharge power can be applied back to the cell in the form of

regenerative charging on this cell. Again no significant change in resistances and

pulse power capacity were observed in both 18 s discharge pulse (DP) and 10 s

regenerative charge pulse (RGP) down to 80 % depth of discharge (DOD) for cell

tested after 70 and 100 cycles. HPPC results indicated that carbon-coated LiFePO4

electrodes are very well suited for HEV applications. The performance of LiFePO4

electrodes at high discharge rates and the high power of the 18650 cell were

Fig. 14.6 HPPC results for a C-LiFePO4//graphite 18650 cell after 70 and 100 cycles of charge–

discharge at 0.1C rate. The results after 70 cycles and 100 cycles cannot be distinguished, and the

two voltage–time profiles are superposed
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attributed mainly to the electronic conductivity improvement achieved through

carbon-coating of the positive electrode.

Figure 14.8 shows the generated heat rate and the voltage profiles of a cylindrical

18650 size cell at different rates (0.1, 0.2, and 0.5C) at 25 �C. Two hours rest period
of time was left between each charge and discharge, so that there is no overlap

between charge–discharge heats. These profiles were reproducible for up to three

cycles for each rate. It can be seen from the figure that the overall exothermic heat

generated during charge and discharge process increased with respect to the C-rate.

Fig. 14.7 Differential Pulse power drop/gain (left scale) and pulse power capacity (right scale) of
the C-LiFePO4//graphite 18650 cell at different states of charge. The symbols are experimental

results under the conditions defined as ns (duration in number of seconds) of the discharge pulse

(DP) or regenerating charge pulse (RGP) after 70 and 100 cycles (cyc)

Fig. 14.8 Generated heat rate (broken curve, right scale) and voltage profiles (full curve left scale)
of a cylindrical 18650 size C-LiFePO4//graphite cell during cycling using an isothermal

microcalorimeter
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This overall heat released from the cylindrical 18650-size cell includes the revers-

ible heat due to the entropic change of the cell reaction, and the irreversible heat due

to the deviation of the cell potential from its equilibrium potential [34]. Table 14.1

shows the accumulated exothermic heat values obtained by the calculation of the

area under the heat rate profile during the charge–discharge process. The cell

relaxation heat released during the 2 h rest period between every charge and

discharge was also included in the estimation of accumulated heat during charge–

discharge.

At low C-rate, the generated heat during discharge process was increased by

90 % from 0.1C to 0.2C. This heat, at low C-rates, includes the nearly balanced

contribution of both the reversible entropic and irreversible resistive heat, as the

heat rate profiles show non-monotonous behavior which is attributed to the sign

changes of entropy values [35] occurring during charge–discharge. However, at

higher rate, 0.5C, the generated heat was increased by 227 %, and this was mainly

due to the dominance of the irreversible resistive heat over the reversible entropic

heat, because of the significant increase of the overpotential caused by the enor-

mous rise in the ohmic resistance and also the electrodes polarization as a result of

conversion to FePO4 phase [34]. This conversion is achieved at 3.6 V vs. Li0/Li+,

and FePO4 is known to be very resistive acting as a limiting current element.

The delithiated material does not generate exothermic reaction because of the

absence of Li ions [36]. Nevertheless, the heat generated at 0.5C rate remains

very moderate, and actually too small to cause any thermal runaway. The estimated

cell temperature showed rise of 9.3 �C during charge and 8.5 �C during discharge at

0.5C rate, which indicates the cell temperature at the surface will reach 34 �C when

no external cooling is applied during charge–discharge. The cell surface tempera-

tures were estimated using cell average heat capacity value 75 J g�1 reported

elsewhere [37] and the integrated heat values. The estimated cell temperatures at

the surface were found to be less than SEI decomposition temperature and hence

carbon-coated LiFePO4 is considered to be a safe material that retains its reversible

chemical structure during the continuous charge and discharge processes.

Figure 14.9 illustrates the DSC spectra of the fully delithiated and overcharged

carbon-coated LiFePO4 and the spectra of the fully lithiated carbon-coated graphite,

both electrodeswith traces of 1.2mol L�1 LiPF6 in EC-EMC (3:7),measured at a scan

rate of 10 �C min�1 from 50 to 400 �C. The traces of electrolyte in the samples

prepared for DSC were calculated to be between 15 and 20 % weight of the electrode

tested. The onset temperature of the lithiated anode and delithiated cathode was

Table 14.1 Accumulated heat released and the estimated cell temperature rise during charge–

discharge of the cylindrical 18650 size C-LiFePO4//graphite cell at different C-rate

C-rate

Accumulated heat (J) Estimated ΔT (�C)
Charge Discharge Charge Discharge

C/10 216 197 2.9 2.6

C/5 420 375 5.6 5.0

C/2 689 645 9.3 8.5
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detected at 80 and 245 �C, respectively. By convention, we note with a negative sign
the heat that is lost by the system under consideration, i.e. a negative peak in the figure

means an exothermic peak. The variation of enthalpy is reported in Table 14.2. In

particular, the heat generated from the lithiated graphite was �170 J g�1 for temper-

atures between 67 and 200 �C, which corresponds to the SEI layer decomposition

interval; this heat represents the contribution of the lithiated graphite to initiate the

overall thermal runaway in a full cell. Enthalpy of anode reaction beyond 200 �C was

not included, as most of the cathode chemistries start degrading at this temperature.

However, the delithiated cathode, the most responsible electrode in the thermal

runaway, showed very good stability under the DSC test. The calculated enthalpy of

cathode reaction in the range of 50–400 �C was�250 J g�1 and this heat is a result of

higher oxidation state of Fe occurring in fully charged cathode, which undergoes

exothermic reaction with the electrolyte. These results are in good agreement with

early studies [38] and indicate a significant improvement in the thermal properties of

LiFePO4 cathode compared to the commonly used lithium metal oxide layered

materials [39]. This result proved that the lithium iron phosphate is distinguished

material cathode in term of safety due to the strong P–O covalent bonds in (PO4)
3�

polyanion, which prohibits the oxygen liberation [40]. Delayed reaction onset

Fig. 14.9 DSC spectra of

fully lithiated graphite and

overcharged LiFePO4 with

traces of 1.2 mol L�1 LiPF6
in EC-EMC (3:7)

electrolyte at 10 �C min�1

Table 14.2 Flow of enthalpy deduced from the DSC spectra of the fully delithiated and

overcharged carbon-coated LiFePO4 and the fully lithiated carbon-coated graphite (see

Fig. 14.8); that of the overcharged cathode elements investigated (see Fig. 14.9) are reported in

the three last columns

Cell Temperature range (�C) ΔH (J g�1)

LiFePO4//graphite

Graphite//Li

250 �C� T� 360 �C
250 �C� T� 360 �C

�96.6

�170

Cathode material Onset T (�C) Overall ΔH (J g�1)

LiNi0.8Co0.15Al0.05O2

LiMn2O4

LiFePO4

170

264

245

�941

�439

�250
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temperature and considerably smaller reaction enthalpy for LiFePO4 cathode is

mainly attributed to high activation energy needed to break the strong P–O bond for

oxygen release. It can also be seen that reaction enthalpy of cathode was found to be

lesser than that of graphite anode and any effects of the combination can be observed

in ARC measurements discussed later in this chapter.

Figure 14.10 shows DSC spectra of the overcharged spinel (LiMn2O4), layered

(LiNi0.8Co0.15Al0.05O2) cathode, and carbon-coated LiFePO4, all electrodes with

traces of 1.2mol L�1 LiPF6 in EC-EMC (3:7), measured at a scan rate of 10 �Cmin�1

from 50 to 400 �C. We can observe that both spinel and olivine cathodes have

delayed onset temperature by at least 70 �C with respect to the layered cathode. The

layered cathode was found to be thermally unsafe, as this cathode undergoes its

exothermic reaction with very large enthalpy (�941 J g�1) and the reaction gets

completed at much earlier temperature, lower than the onset temperature of spinel

and olivine. Spinel cathode showed roughly half the exothermic reaction enthalpy

(�439 J g�1), whereas carbon-coated olivine showed even lesser exothermic reac-

tion enthalpy (�250 J g�1). The results are summarized in Table 14.2.

Based on their previous experimental results, Prakash et al. [39] proposed that a

possible mechanism leading to the thermal runaway of the layered cathode consists

of the following four steps:

• Step 1: The first step involves a partial structural deformation of

LixNi0.8Co0.15Al0.05O2 into disorder oxide (spinel-like structure) and liberation

of small amount of oxygen from it as a result of this structural deformation.

• Step 2: This step entails the reaction of the oxygen produced in step-1 with the

ethylene carbonate due to its lower flash point of 150 �C:

C3H4O3 þ 2:5O2 ! 3CO2 þ 2H2O: ð14:1Þ

The continuous reaction of the oxygen with EC and possibly EMC releases

combustion heat in the system and raises the temperature.

Fig. 14.10 DSC spectra of overcharged layered, spinel, and olivine cathodes with traces of

1.2 mol L�1 LiPF6 in EC-EMC (3:7) electrolyte at 10 �C min�1
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• Step 3: The heat released in the above reaction further accelerates the structural

deformation, which finally leads to complete structural collapse of the oxide:

Li0:36Ni0:8Co0:15Al0:05O2 ! 0:18Li2Oþ 0:8NiOþ 0:05Co3O
þ 0:025Al2O3 þ 0:375O2: ð14:2Þ

• Step 4: The large amount of oxygen and heat produced in the above reaction

helps the combustion of the remaining electrolyte (EC, EMC, and LiPF6) to

produce thermal runaway:

C3H4O3 þ 2:5O2 ! 3CO2 þ 2H2O; ð14:3Þ
C3H8O3 þ 2:5O2 ! 3CO2 þ 2H2O: ð14:4Þ

However, in LiFePO4, phase transformation to FePO4 is considered to occur in

step 1 rather than structure disordering observed in layered cathode. Step 2 is

observed to the same extent found in layered cathode, whereas step 3 is mostly

prevented as the heat released from combustion of the solvents with O2 is used to

maintain the FePO4 phase, hence the structural stability of the LiFePO4/FePO4

cathode. Again, the strong P–O covalent bonds in (PO4)
3� polyanion found in

LiFePO4 significantly reduce the rate of O2 release, thereby reducing the combus-

tion step itself and causing no further damage to the cathode structure.

It was observed in IMC results on LiFePO4 that the cell temperature is raised to

not more than 34 �C during charge and discharge at 0.5C rate, and DSC measure-

ments showed that LiFePO4 is less reactive with electrolyte at high temperatures

than spinel and layered cathodes. Moreover fully lithiated graphite was observed to

show more exothermic heat than LiFePO4 cathode itself, resulting from SEI layer

decomposition. So a fully charged cylindrical 18650 cell using LiFePO4/graphite

was tested in Accelerating Rate Calorimeter (ARC) to realize the overall combi-

nation of exothermic reaction heats of LiFePO4, graphite and electrolyte. The

simultaneous cell temperature and heater temperature and in situ cell open-circuit

potential recorded during ARC test of the cell is reported in Fig. 14.11. It shows that

the cell was heated uniformly as the thermocouples placed in top, side and base

of the heater indicated the same temperature during the course of the experiment,

and the cell temperature also closely followed the heater temperature until any self-

heat was released from the cell. Open-circuit potential remained constant around

3.3 V during this period. At temperature about 80 �C after 160 min from the start of

the experiment, the cell started to show self-heat at a rate greater than 0.02 �Cmin�1.

Once the self-heat is released from the cell and is sustained for more than 30 min,

the heater begins to follow the cell temperature to the same rate of self-heat. Open-

circuit potential also began to gradually drop due to the resistive heating of the cell.
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After 1455 min of testing, the cell temperature began to rise sharply at a temper-

ature of 150 �C and open-circuit potential began to drop rapidly. This behavior of

the cell was attributed to internal short-circuit of the cell owing to the melting of the

separator. At 1756 min of test, the cell completely decomposed and the cell

temperature completely shot off from that of the heater temperature by more than

80 �C; the cell voltage abruptly fell close to zero in few minutes later.

Figure 14.12 shows the self-heat rate (SHR) released from the 18650

cell (LiFePO4//graphite) fully charged to 1.42 Ah capacity, when heated up to

Fig. 14.11 Cell temperature measured at side, top, and base of the heater (the curves are

superposed) and in situ open-circuit potential chronological record of LiFePO4/C 18650 cell

subjected to ARC test

Fig. 14.12 Self-heat rates of fully charged 18650 cells with spinel, layered, and olivine cathodes

measured in ARC. Self-heat rates of olivine cathode overcharged to 4.2 V are also shown
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450 �C in ARC. The figure illustrates three different exothermic reactions. The first

self-heat exothermwas observed between 90 and 130 �C, and it is mainly attributed to

the reaction of the carbonaceous material in combination with the electrolyte caused

by the SEI layer decomposition [40]. At temperatures above 150 �C, which corre-

sponds to the melting temperature of the separator, the second self-heat exothermwas

initiated, causing the cathode to be exposed to reaction with electrolyte. Cathode was

subsequently decomposed at temperatures larger than 245 �C and reacted with the

electrolyte, releasing more heat and increasing the cell temperature further up. At

temperatures above 260 �C, the oxygen released from the composed cathode reacted

with the organic solvents, initiating the third self-heat exotherm that corresponds to the

beginning of the thermal runaway. However, the cell remained safe and did not

explode for temperatures up to 450 �C, since the maximum self-heat rate of the cell

was found to be less than 6 �C min�1 only. It is deduced that the peak producing the

maximum self-heat rate of 6 �C per minute at 286 �C corresponds to the major

exothermic reaction as described in the DSC study. The SHR observed in the ARC

study of LiFePO4 cathode was significantly lower than the layered oxide and spinel

cathodes, indicating the thermal stability of the olivine cathode. The onset temperature

and maximum SHR for different cathode chemistries are listed in Table 14.3.

It is observed that even an overcharged (to 4.2 V) LiFePO4//C cell showed only

158 �C min�1 maximum SHR, compared to 532 and 878 �C min�1 maximum SHR

observed in layered and spinel oxide cathodes.

DSC results indicated higher exothermic reaction enthalpy for layered oxide

than spinel cathode, but the maximum SHR of spinel was found to be higher than

that of the layered oxide. On the other hand, the maximum SHR temperature in

ARC and the exothermic reaction peak temperature in DSC were found to be

consistent. To study this inconsistency of reaction enthalpy and maximum SHR, a

DSC experiment was performed for fully-delithiated cathode, Li0.36Ni0.8Al0.05O2,

in the presence and absence of the electrolyte. Figure 14.13 shows the DSC traces of

LixNi0.8Co0.15Al0.05O2 in the presence and absence of electrolyte (1.2 mol L�1

LiPF6 in EC-EMC (3:7)). One major exothermic reaction is detected at 225 �C,
followed by complex small peaks. The major exothermic peak (�731 J g�1),

starting at 204 �C and reaching a maximum at 224 �C, is attributed to the structural
change of the delithiated cathode accompanying the oxygen liberation and com-

bustion of the electrolyte with the liberated oxygen [39]. The following multiple

Table 14.3 Comparison of accelerating rate calorimeter parameters for the different chemistries

(anode in graphite): TOnset is the temperature at the onset of self-heat rate (SHR), the next column

is the maximum value of the SHR, which occurs at the temperature given in the last column

Cathode TOnset (
�C) Max SHR (�C/min) TMax SHR (�C)

LiNi0.8Co0.15Al0.05O2//C 74 532 307

LiMn2O4//C 79 878 334

LiFePO4//C (4.0 V) 89 6.1 286

LiFePO4//C (4.2 V) 89 158 353
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peaks are attributed to the reaction of the remaining electrolyte with the continuous

decomposition of the cathode. A decrease in the heating rate of the rinsed sample as

shown in Fig. 14.13 suggests that the major exothermic reaction at about 225 �C is

due to the reaction of the delithiated cathode and the electrolyte.

Hence it is clear that the layered cathode material reacts prematurely with the

electrolyte and in the process does not have enough electrolyte to react further. This

behavior is consistent with the maximum SHR observed for layered oxide at a much

earlier temperature 307 �C than spinel, and the SHR was not sustained after the

complete exhaustion of electrolyte at 307 �C. Hence, the LiFePO4 cell exhibited

excellent safety, much better than other chemistries, considering the facts that they

have very large onset temperature and very low self-rate to remotely cause any

thermal runaway of the Li-ion cell.

Safety tests were performed for LiCoO2 and carbon-coated LiFePO4 based

18650 cells in their fully charged state. The resulting videos of the crush and nail

penetration tests are provided in the supplementary information. Before the crush

test, the cell was charged to 3.7 V and the cell temperature was 26 �C. For the cell
with LiCoO2 cathode, the crush test resulted in immediate spark and lot of smoke,

causing the cell temperature to increase from 27 to 352 �C in 14 s and the cell

voltage dropped from 4.46 to 0 V in few seconds. On the other hand, the crush test

for the cell with olivine oxide cathode produced a maximum temperature of 98 �C
in 24 s with cell voltage still showing 0.05 V for carbon-coated LiFePO4 cell). Nail

penetration on cells fabricated with LiCoO2 cathode showed immediate spark and

smoke, causing the cell temperature to increase from 27 to 352 �C in 14 s and the

cell voltage dropped from 4.46 to 0 V in few seconds. The nail penetration test on

cells fabricated with LiFePO4 cathode revealed that the cell reached a maximum

temperature of 103 �C, with a small amount of electrolyte escaping from the cell.

For both the tests on LiFePO4 cell, no smoke, no flame, and no explosion were

observed. The thermal studies carried out on LixCoO2 show that the delithiated

Fig. 14.13 DSC traces of LixNi0.8Co0.15Al0.05O2 in the presence and absence of electrolyte

(1.2 mol L�1 LiPF6 in EC-EMC (3:7))
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LiCoO2 decomposes to CoO or Co2O3 and releases O2 at about 240
�C [41, 42]. As

a result, an extensive amount of heat is produced when the remaining electrolyte

reacts with the released O2 [41–44]. The DSC results in Fig. 14.12 show very

similar trend as observed in other studies for LiNiO2 [41–43]. In spite of the doping

of the present cathode with cobalt and aluminum, it seems that the thermal stability

of LiNi0.8Co0.15Al0.05O2 has similar reaction mechanisms to LixNiO2. On the other

hand, the strong nature of P–O bond in (PO4)
3� polyanion results in less rate of O2

release and thus prevents LiFePO4 cell from thermal runaway, unlike in the case of

LiCoO2.

14.4 Li-Ion Batteries Involving Ionic Liquids

Conventional electrolyte for Li-ion batteries, i.e., ethylene carbonate or dimethyl

carbonate, are organic solvents with high vapor pressure, and in case of accidental

battery shorts or thermal runaway, can lead to fires and explosions. Some of these

dramatic accidents have occurred from time-to-time, leading to recalls of millions

of batteries and creating concern, even panic among the consumers. Such safety

issues become paramount in large lithium-ion batteries of interest in electric cars,

especially if charge–discharge is carried out at high rates. Thus safety has become a

central issue in the development of this technology. A major avenue for creating a

safe lithium-ion battery is to replace organic solvents or at least to diminish their

flammability and high vapor pressure. The approach adopted at Hydro-Québec

(HQ), through its research institute, is to use ionic liquids as solvents in these

batteries; we have also discovered some solvent mixture compositions of organic

solvents and ionic liquids which retain the best characteristics of both constituents

and provide safe battery electrolytes [45].

Ambient temperature ionic liquid based on bis(fluorosulfonyl)imide (FSI) as

anion and 1-ethyl-3-methyleimidazolium (EMI) orN-methyl-N-propylpyrrolidinium
(Py13) as cation were investigated with natural graphite anode and LiFePO4 cathode

in lithium cells. The electrochemical performance was compared to the conventional

solvent EC/EDC with 1 mol L�1 LiPF6 or 1 mol L�1 LiFSI. The ionic liquid showed

lower first coulombic efficiency at 80 % compared to EC-DEC at 93 %. The

impedance spectroscopy measurement showed higher resistance of the diffusion

part and it increased in the following order:

EC=DEC � LiFSI < EC=DEC� LiPF6 < Py13 FSIð Þ � LiFSI

¼ EMI FSIð Þ � LiFSI; ð14:5Þ

however a comparable reversible capacity was found in EC/DEC and EMI(FSI)-

LiFSI. The high viscosity of the ionic liquids (IL) suggested using different

conditions such as vacuum and 60 �C, to improve the impregnation of IL in the

electrodes, and the reversible capacity was improved to 160 mAh g�1 at C/24.
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The high rate capability of LiFePO4 was evaluated in polymer-IL and compared to

the pure IL cells configuration. The power performance was decreased when the

polymer is added, at C/10 only 126 mAh g�1 was delivered compared to

155 mAh g�1.

14.4.1 Graphite Anode against Different Electrolytes

The impedance measurement is shown in Fig. 14.14. A comparable interface

resistance is observed with graphite anode vs. Li, between ionic liquid and refer-

ence electrolyte EC/DEC-LiPF6 at 80 Ω. However, EC/DEC-LiFSI based salt

showed a lower interface impedance at 65 Ω. In the diffusion part, the ionic liquids

show higher resistance (20 Ω) and it increases in the order given in Eq. (14.5). Due
to the high viscosity of the IL, the diffusion resistance is consequently higher.

Figure 14.15 shows the first two cycles of discharge–charge curves of anode

graphite (a) in EC-DEC-LiPF6, (b) in EC/DEC-LiFSI, (c) in EMI(FSI) and (d) in

Py13(FSI). These charge–discharge cycles were obtained at C/24 rate between

0 and 2.5 V at ambient temperature. For the standard cell (curve a), a reversible

capacity that obtained at the second discharge of 365 mAh g�1 was obtained very

close to theoretical capacity, with high coulombic efficiency in the first cycle (CE1)

at 92.7 %. These data reflect the performance of our electrodes in the standard

electrolyte which was used as reference for comparison in this study. When LiPF6 is

replaced by LiFSI salt (curve b), the anode shows excellent performance with

reversible capacity close to the theoretical capacity of 369 mAh g�1 and 93 % of

coulombic efficiency in the first cycle. The LiFSI salt has a positive effect on the

formation of coherent passive layer on the graphite. Curve (c) represents the cell

Fig. 14.14 Impedance

spectra of Li//graphite

anodes before cycling in

different electrolytes
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with IL based on EMI-FSI that shows 362 mAh g�1 as reversible capacity but only

80.5 % of coulombic efficiency. However, for the ionic liquid Py13 (curve d), the

reversible capacity is close to the theoretical with 367 mAh g�1, while the first

coulombic efficiency was 80 %. All these data explain well that LiFSI salt in

FSI-based ionic liquid is suitable to be used in the anode graphite side without

any secondary reaction. In Table 14.4, we summarize the first electrochemical data

for the graphite anode for the first cycle. The coulombic efficiency in the second

cycle (CE2) still does not reach 100 % which probably is associated with some side

reactions, and then the passivation layer on the graphite cannot be established

during the first cycles (Fig. 14.15b).

The cyclability of the cells was evaluated at 1C in discharge and charging at C/4.
The capacity evolution was quite stable for organic electrolyte during cycling. The

reversible discharge capacity was slightly lower in LiFP6 compared to LiFSI salt.

On the other hand, when the electrolyte is an ionic liquid, the discharge capacity

still increased during the first five cycles for Py13(FSI) and ten cycles for EMI(FSI).

This result indicates that IL Py13(FSI) electrolyte needs more cycles to form the

Fig. 14.15 (a) The first discharge–charge cycles for Li//graphite anodes in different electrolytes

and (b) the expanded version of the first cycle in the potential range 0.5–0 V

Table 14.4 The first electrochemical characteristics of the graphite anode

Electrolyte

1st discharge

(mAh/g) CE1 (%)

Reversible capacity

(mAh/g)

CE2

(%)

EC-DEC-1MLiPF6 398 92.7 365 100

EC-DEC-1MLiFSI 382 93.0 369 100

Py13-FSI

+ 0.7MLiFSI

468 80 367 98.3

EMI-FSI

+ 0.7MLiFSI

432 80.5 362 97.6
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passivation layer on the graphite surface particles. For the IL EMI(FSI), the

capacity increases can be attributed to the improvement of the wettability in the a

electrode bulk with lithium intercalation–deintercalation in graphite. However,

Ishikawa et al. [46] reported quite stable cyclability of the Li/graphite anode with

ionic liquid EMI(FSI) with 0.8 mol L�1 LiTFSI salt and they show a stable capacity

of 360 mAh g�1 at C/5. These data suggest probably the combined stabilizing effect

of FSI cation in ionic liquid and the additive salt type on the anode graphite to the

SEI layer and thus quite high reversible capacity.

14.4.2 LiFePO4 Cathode Against Different Electrolytes

In the cells, the LiFePO4 cathode side exhibited interface resistance behavior

different from that of the graphite anode side (Fig. 14.16). The highest interface

resistance with reference electrolyte was obtained at 240 Ω. The ionic liquids both
show a lower interface resistance at 54 and 64 Ω, respectively, for Py13(FSI) and
EMI(FSI). This result can probably be explained by the fact that the cathode bulk

was not completely wetted in the ionic liquid configuration cells when the cathode

was simply dipped in IL under normal conditions. Perhaps some LiFePO4 particles

did not have any passivation layer yet and thus did not contribute to the total

resistance of the cathode interface. For the cathode, the electrochemical perfor-

mance of the Li//LiFePO4 cells was examined with ionic liquids and compared to

that in the conventional organic solvent. Figure 14.17 shows the first charge–

discharge curves at C/24 between 4 and 2.5 V.

Fig. 14.16 Impedance

profiles of Li//LiFePO4

cathodes in different

electrolytes
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The reversible capacity with EC/DEC-LiPF6 (a) was 158 mAh g�1 with 97.5 %

as coulombic efficiency in the first cycle (CE1). In curve of charge–discharge

(b) with LiFSI salt, the reversible capacity was quite comparable to EC-DEC-LiPF6
electrolyte at 156.5 mAh g�1 and 98 % in the first cycle coulombic efficiency.

With the ionic liquid Py13-FSI (c), a lower reversible capacity of 143 mAh g�1 was

obtained with only 93 % coulombic efficiency. However, with ionic liquid EMI

(FS), curve (d), higher reversible capacity and coulombic efficiency, respectively,

with 160 mAh g�1 and 95 % were obtained. The reversible capacity and the

coulombic efficiency are summarized in Table 14.5. The high viscosity of Py13

(FSI), two times that of EMI(FSI) can make the lithium extraction from LiFePO4

structure more difficult even at low rate like C/24. This result is clearly described on
the charge curve with not well defined curvature at the end of the charging plateau.

In the LiFePO4 cells, the viscosity perhaps affects the performance also due to

the carbon coating on the surface of LiFePO4 particles. When electrolyte has high

viscosity like an ionic liquid, the wettability of the carbon layer is more difficult due

to its large surface area. Then the lithium ion cannot migrate easily across this layer,

particularly in the first cycles. Moreover, the viscosity can prohibit also the wetta-

bility of all the electrodes in depth, both anode and cathode because of the quasi

Fig. 14.17 The first

charge–discharge cycle of

Li//LiFePO4 cells in

different electrolytes

Table 14.5 The first electrochemical characteristics of the LiFePO4 cathode

Electrolyte

1st discharge

(mAh g�1) CE1 (%)

Reversible capacity

(mAh g�1) CE2 (%)

EC/DEC-1MLiPF6 158.2 97.5 158.0 98.0

EC/DEC-1MLiFSI 156.5 98.05 156.5 98.0

Py13-FSI + 0.7MLiFSI 151.3 93.0 143.3 98.3

EMI-FSI + 0.7MLiFSI 164.0 95.0 160.0 97.0
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three-dimensional fractal nature of the electrodes. The highest capacity was

obtained with EMI(FSI) at 145 mAh g�1 compared to EC-DEC-LiPF6 and EC-

DEC-LiFSI which give around 137 and 139 mAh g�1, respectively. However, Py13

(FSI) shows a capacity decrease to 105 mAh g�1. The coulombic efficiency for all

the electrolytes found stabilized at 100 % in the second cycle, except for the Py13

(EMI) for which the coulombic efficiency reaches 100 % only in the sixth cycle.

Since ionic conductivity is inversely related to the viscosity, the Py13(FSI) tends

not to yield good capacity at 1C compared to other electrolytes. Thus, it is necessary

to evaluate the cathode in these electrolytes with different increasing discharge

rates in order to push the power limitation of these electrolytes. In order to

investigate the power performance of LiFePO4 in different electrolytes, a rate

capability test was applied. The rate dependence of the different electrolytes is

summarized in Fig. 14.18 as Peukert plots. The discharge current was varied at

different rates where as the charge current was maintained constant at C/4.
The organic solvent EC/DEC with LiFSI salt shows a quite reasonable perfor-

mance at high rate, e.g., at 15C rate high discharge capacities were delivered by the

cell having LiFSI with 105 mAh g�1. For the rates above 20C, the capacity starts

diverging from the cell having LiPF6 as salt. With ionic liquids when higher

viscosity is used, EMI(FSI) shows a comparable performance until 1C rate; at

rate over 4C, the capacity dropped to 45 mAh g�1. For a more viscous electrolyte

such as Py13(FSI), the C-rate performance was lower and the gap with other cells

starts at C/2 rate. At 4C, the capacity dropped to low value of 40 mAh g�1. From

these data, it is clear that the power performance is depends on the viscosity and the

ionic conductivity. Furthermore, the LiFSI salt has shown a good result for both

organic and ionic electrolytes [47] has compared the performance at high rate of the

Li/LiFSI-EMI/LiCoO2 with FSI or TFSI as anion. He confirmed the higher

Fig. 14.18 Rate capability

of Li/LiFePO4 cells at

different discharge rate in

different electrolytes
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performance of EMI when FSI anion is used. He found the capacity retention ratio

1/0.1C for EMI(FSI) and Py13(FSI) cells was 93 and 87 % respectively. However,

when TFSI anion is used, the EMI(TFSI) cell has shown lower capacity retention

ratio 1/0.1C with only 43 %. Furthermore, the performance of these ionic liquids

not only depends on the viscosity and conductivity, but also on the anion and on the

salt additive types. For further tests, we have selected the Py13(FSI) IL based on its

higher safety level as reported by Wang et al. [48]. In order to improve the

wettability of the cathodes with the ionic liquid, LiFePO4 cathode was pre-treated

by immersing it in Py13(FSI)-LiFSI IL, then putting under vacuum at 60 �C for 8 h.

This cathode was then evaluated with a lithium metal cell.

The first charge–discharge cycles of the pre-treated cell, realized at 25 �C, are
shown in Fig. 14.19 compared to the cell prepared without vacuum at 25 �C. The
coulombic efficiency was improved in the first and second cycles to 100 % com-

pared to 92.6 and 98.3 %. The impedance spectra of these cells before and after

cycling are shown in Fig. 14.20. The interface resistance is higher when the cathode

is pre-treated under vacuum 70 Ω vs. 50 Ω. However, after two cycles at C/24, the
interface impedance is lower in the pre-treated cathodes. The reversible capacity

was increased by 14 to 160 mAh g�1. The viscosity limitation of the IL Py13(FSI)

was two times that of EMI(FSI). The high rate capability shows small increase in

the power performance until 2C rate (Fig. 14.21). Above 2C rate, high jump in the

capacity was delivered from 40 to 80 mAh g�1. However for the higher rates, the

capacity dropped comparably to the same level as in cells in which the cathode

wetting was not improved with vacuum pre-treatment as described above.

Fig. 14.19 The first

charge–discharge of

Li/LiFePO4 cells with Py13

(FSI)-LiFSI with and

without vacuum
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14.5 Surface Modification

Attempts to increase the energy density by increasing the voltage of the cells did not

lead so far competing products, because the gain in energy is accompanied by a

decrease of the cycling life, and also problems in safety issues [49, 50]. Thus

another route that has been explored is the surface modification of the active

particles of the positive electrode. The idea is either to reduce the interface

resistance by crystallization of the surface layer, or to coat the particles with

something that would protect the particles against side reactions with the

Fig. 14.20 Impedance of Li/LiFePO4 cells with Py13(FSI)-LiFSI, (a) freshly assembled cells, and

(b) after two cycles

Fig. 14.21 Rate capability of Li/LiFePO4 cells with Py13(FSI)-LiFSI with and without vacuum
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electrolyte, avoid the loss of transition-metal ions or of oxygen, without altering the

electronic and ionic conductivities. This route turned out to be more efficient than

the doping process to improve the electrochemical properties and the safety of

Li-ion batteries [51].

14.5.1 Energy Diagram

It has been suggested that in practical non-aqueous lithium battery systems the

anode (Li or graphite) is always covered by a surface layer named the solid

electrolyte interphase (SEI), 1–3 nm thick, which is instantly formed by the reaction

of the metal with the electrolyte. This film, which acts as an interphase between the

metal and the solution, has the properties of a solid electrolyte. This layer has a

corrosive effect and grows with the cycling life of the battery [52]. Thermodynamic

stability of a lithium cell requires the electrochemical potentials of electrodes EA

and EC located within the energetic window of the electrolyte, which contrains the

cell voltage Vo of the electrochemical cell to:

eVo ¼ EC � EA 	 Eg; ð14:6Þ

where e is the elementary electronic charge and Eg is the energy separation EL�EH

between the lowest unoccupied molecular orbital (LUMO) and the highest occu-

pied molecular orbital (HOMO) [53]. The SEI passivating layer at the electrode/

electrolyte boundary gives a kinetic stability to the cell for Vo larger than Eg. The

design of electrodes must match the LUMO and HOMO level of the electrolyte.

Figure 14.22 shows the schematic energy diagram of Li-ion cells with two different

chemistries. For the graphite//LiCoO2 cell (Fig. 14.22a), graphite has EA lying

Fig. 14.22 Electronic band diagrams of Li-ion batteries: (a) graphite//LiCoO2 and (b) LTO//LFP
cells. EA and EC represent the Fermi level of anode and cathode respectively. Eg is the electrolytic

window that ensures the thermodynamic stability, while EA>EL and EC<EH requires a kinetic

stability by the formation of an SEI layer
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above the LUMO of used non-aqueous electrolytes. Similarly, EC of the cathode

lies below the HOMO level. Thus, both graphite and LiCoO2 electrodes are

possible because a passivating SEI film has grown. The SEI requires properties as

follows: (1) it must have good mechanical stability when changes in electrode

volume occur upon cycling life, (2) ensure fast Li+-ion transfer from the electrolyte

to the electrode and (3) good ionic conductivity over the temperature range

�40< T< 60 �C. On the other hand, the Li4Ti5O12//LiFePO4 (LTO//LFP) cell

does not have SEI formation (Fig. 14.22b) because the electrode energy levels EC

and EA match well with the electrolytic window which provides very high safety.

But the price to pay is a lower open-circuit voltage, i.e., 2 V against 4 V for the

graphite//LiCoO2 battery.

14.5.2 Surface Coating of Layered Electrodes

14.5.2.1 LiCoO2

While LiCoO2 is currently used in commercial Li-ion batteries with good rate

capability, its function is limited (LixCoO2, x> 0.5; potential >4.2 V vs. Li0/Li+)

because Co4+ ion dissolution into the electrolyte that deteriorate the battery perfor-

mance. The surface modification of LiCoO2 by different substances such as metal

oxides, carbon, and phosphates has various beneficial effects. It prevents the Co

dissolution and electrolyte decomposition that helps the battery safety, the energy

density, and working voltage. Other results are the suppression of the undesired SEI

layer, protection of particles against side reaction with electrolyte and avoid the loss

of oxygen. Typical surface modification is a 2–3 nm thick coating layer that

corresponds to 1–2 % in weight [54–57].

Figure 14.23 displays the differential scanning calorimetry (DSC) measurements

of a fully-charge electrode at 4.4 V vs. Li+/Li0 for bare, Al2O3- and MgO-coated

Fig. 14.23 DSC of a fully

charged electrode at 4.4 V

vs. Li+/Li0 for bare and

Al2O3- and MgO-coated

LiCoO2 particles. The

electrodes were cycled in

coin cells with 1 mol L�1

LiPF6 solution in EC-DMC

(1:1) as electrolyte
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LiCoO2 particles. The electrodes were cycled in coin cells with 1 mol L�1 LiPF6
solution in EC-DMC (1:1) as electrolyte. DSC curves show that the decomposition

temperature has increased and the total amount of the reaction heat is reduced by

the coatings. These results suggest that the safety of MgO-coated LCO electrode is

improved. However, the coating also decreases the activation energy of lithium ion

transfer reaction at the LiCoO2 thin film electrode–electrolyte interface, indicating

that the modification by MgO affects the kinetics of lithium ion transfer reaction at

the LiCoO2–electrolyte interface [57].

14.5.2.2 LiNi0.7Co0.3O2

Not surprisingly, the same coatings as those reviewed for LiCoO2 have been tested

on the LiNiO2 family, aiming to the same purpose: improve the electrochemical

performance and find a solution to the thermal instability that hinders its use. For

instance, Yoon et al. reported that MgO-coating of LiNi0.8Co0.2O3 can suppress the

formation of NiO-like rock-salt structure when heated at 450 �C [58]. AlPO4

coating can also be done on LiNi0.8Co0.1Mn0.1O2 that has a larger capacity than

LiCoO2 [59]. Figure 14.24 presents the DSC curves of bare, Al2O3- and AlPO4-

coated LiNi0.8Co0.2O2 electrode in the charge state at 2.6 V. These results show the

beneficial effect of coating on the total amount of the reaction heat.

Fig. 14.24 DSC curves of bare, Al2O3- and AlPO4-coated LiNi0.8Co0.2O2 electrode in the charge

state at 2.6 V
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14.5.3 Surface Modifications of Spinel Electrodes

14.5.3.1 LiMn2O4

The spinel LiMn2O4 (LMO) is an attractive cathode element, mainly because its

thermal stability is much better than that of the lamellar compounds [60]. However,

it suffers from poor cycling behavior. The dissolution of manganese in the electro-

lyte is of major concern [61], since it reduces the calendar life of the battery. In

addition, the kinetics of this reaction of LiMn2O4 with the electrolyte increases with

the temperature, so that LiMn2O4-based batteries need to be maintained at room

temperature. In this context, the study of surface modifications of LMO is of

primary importance to protect the material against reactions with the electrolyte

and avoid the dissolution of Mn3+ in order to achieve two goals: (1) improve the

calendar life and cycling life to make it competitive with other cathode elements,

and (2) make it possible to get rid of the lamellar component in the cathode, to

restore the thermal safety of the battery. The most commonly used coating materials

are metal oxides such as Al2O3, ZrO2, ZnO, SiO2, and Bi2O3, which can success-

fully protect electrode from HT attack. Developments in the surface modification of

LiMn2O4 as cathode material of power lithium-ion battery have been reviewed by

Yi et al. [62].

To explore the change in the electrochemical properties of the spinel electrodes,

electrochemical impedance spectroscopy (EIS) was carried out for the pristine and

coated material upon cycling in the charged state for cells maintained at 55 �C.
Nyquist plots derived from the analyses of uncoated and ZrO2-coated LiMn2O4 are

shown in Fig. 14.25. Each EIS spectrum consists of two semicircles and a slope.

The first semicircle in the high-to-medium frequency region is attributed to resis-

tance of surface film (Rsf) that covers the electrode particle, while the semicircle at

medium-to-low frequency region is associated with the charge transfer resistance

(Rct) coupled with a double-layer capacitance and the slope at the low-frequency

region is assigned to lithium-ion diffusion in the bulk material. On the basis of this

mechanism, the equivalent circuit used for analysis is given as insert. Rw represents

the electrolyte resistance, CPEdl is a constant phase element andWz is the Warburg

element corresponding to the Li+ ion diffusion in the host material. After 50 cycles,

the increase of Rct of the uncoated material is due to the chemical evolution at the

electrode–electrolyte interface rather than Mn(II) migration. The impedance spec-

tra of ZrO2-coated LiMn2O4 clearly display the contribution of the low frequency

element due to the modified SEI layer, which reduces the Li+-ion transport through

the coating.

It has been reported that LMO particles coated with either borate glass Li2O-

2B2O3 (LBO) or with fluorine exhibit good high-temperature electrochemical

performance. LBO-coated LMO electrode via solution method has an excellent

cycling behavior (112 mAh g�1) without any capacity loss even after 30 cycles at

1C rate [63]. Fluoride is also used to coat LMO to improve its cyclability because it

is very stable even in HF. Lee et al. [64] reported that the BiOF-coated spinel
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electrode had excellent capacity retention at 55 �C, maintaining its initial discharge

capacity of 96 % after 100 cycles against 84 % for the pristine material because the

oxyfluoride layer provides a strong protection against HF attack and scavenges HF.

14.5.3.2 LiNi0.5Mn1.5O4

LiNi0.5Mn1.5O4 (LNM) is considered as the most promising cathode to increase the

density energy, as it operates at 4.7 V [65]. Unfortunately, its use is still postponed,

mainly because of a significant capacity loss at elevated temperature T> 50 �C,
which is a critical environment for HEV and EV applications. As for the LiMn2O4

spinel, the remedy envisioned for canceling the electrode-electrolyte reactions

is the same for both materials, namely coat the particles with a protective layer.

a

b

Fig. 14.25 Nyquist

diagrams of (a) uncoated
LiMn2O4 as a function of

the state of charge after

50 cycles in the potential

range 4.0–4.3 V and (b)
after ZrO2 coating. Cells

were cycled at 1C rate and

maintained at T¼ 55 �C.
The equivalent circuit used

for the analysis is shown as

insert (see text for symbol

meaning)
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Like in the case of LCO, numerous coatings have been experimented such as ZnO,

AlPO4, FePO4 that improved the electrochemical properties but not as much as

Al2O3 [66]. As an example, the effect of ZnO coating on LMN electrode in the

charged state at 4.75 V is depicted in Fig. 14.26. The pristine and coated materials

were cycled at C/10 rate in cells maintained at 55 �C. After 15 cycles, it is observed
that the spectrum of uncoated LNM electrode due to the big change of the Rct

resistance. Although the interpretation of the EIS results can be made using the

equivalent circuit presented in Fig. 14.25. The Nyquit plots show that the initial Rct

value for the ZnO-coated LNM electrode is higher that for the uncoated sample

because the coating formation. However, little change is observed upon cycling. In

the case of the coated sample, both Rcf remains almost constant and Rct slighly

increases that obviously shows the more stable electrode–electrolyte interface.

14.6 Concluding Remarks

Lithium battery safety has raised a large interest in the recent years. The safety

protection is a fundamental issue in the lithium-ion battery technology and the risks

associated with it are managed in order to guarantee a safe use of the cells.

Prevention includes many factors such as minimization of temperature runaway,

internal shorts, mechanical damage, and control of the state of charge. Potential

hazards include: oxygen gas release, corrosive electrolyte released, fire, and explo-

sion. The diagram of the temperature runaway in Li-ion batteries as a function of

the different positive electrode materials is shown in Fig. 14.27. We note that the

electrode instability mainly due to structural breakdown and release oxygen appears

to be a function of the metal-oxygen bonding in the order layered materials

(LiMO2-type)! spinel (LiMn2O4)! olivine (LiMPO4).

Fig. 14.26 Nyquist plots of

uncoated and ZnO-coated

LiNi0.5Mn1.5O4 of fresh

electrode and after 15 cycles

at C/10 rate. EIS

measurements were carried

out in the charged state

(4.75 V vs. Li+/Li0) at 55 �C
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The carbon-coated LiFePO4 showed excellent electrochemical performance

reaching 152 mAh g�1. This electrode also exhibited a reversible capacity

corresponding to more than 89 % of the theoretical capacity when cycled between

2.5 and 4.0 V. Cylindrical 18650 cells with carbon-coated LiFePO4 showed only

1.3 % discharge capacity loss for 100 cycles at 0.1C rate and also delivered 90 % of

capacity retention at higher discharge rates up to 5C rate with 99.3 % coulombic

efficiency, implying that the carbon coating improves the electronic conductivity.

Low cell resistances and 80 % recovery of discharge pulse power through regen-

erative charge pulse during HPPC test performed on LiFePO4 18650-size cell

indicated the suitability of this carbon-coated LiFePO4 for high power HEV

applications. The heat generation during charge and discharge at 0.5C rate, studied

using IMC, indicated that the cell temperature is not raised above 34 �C in absence

of external cooling. Thermal studies were also investigated by DSC and ARC,

which showed that LiFePO4 is safer, upon thermal and electrochemical abuse, than

the commonly used lithium metal oxide cathodes with layered and spinel structures.

Safety tests performed on LiFePO4 cathode based cells, indicated that LiFePO4

cells withstand physical abuse without causing any safety hazard, whereas LiCoO2

causes instantaneous fire and smoke upon safety tests. In addition, the investigation

Fig. 14.27 Diagram of the temperature runaway in Li-ion batteries as a function of the different

positive electrode materials with the range of voltage/temperature for battery safety
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of LiNi0.8Co0.15Al0.05O2 has revealed that the introduction of Ni and Al as the

doping element did not improve the thermal stability, which is then a recurrent

problem in layered compounds. The dissolution of manganese in the electrolyte of

LiMn2O4 spinel//graphite cells has been the motivation to add to the spinel a layer

compound acting as a trap of manganese, in order to decrease the capacity fade. The

present work, however, shows that it amounts to introduce in the cells an unstable

element with very poor thermal stability. Therefore, delivery of high power and

safety upon thermal, electrochemical, and physical abuse makes carbon-coated

LiFePO4 more suitable for HEV applications.
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Chapter 15

Technology of the Li-Ion Batteries

15.1 The Capacity

The irreversible capacity that is measured by the loss of capacity delivered by the

battery during the first cycle (eventually also the second cycle) may have different

causes. For the positive electrode, the loss of capacity during the first two cycles is

often due to the fact that, when the cell is charged for the first time, the

de-intercalation of lithium is accompanied with a structure modification that is

not totally reversible, so that during the first discharge, some lattice distortion

remains, even if the lithium can reenter into the active element of the positive

electrode. As a consequence, some of the Li+ ions will remain trapped into

the particles. The irreversible capacity of LiCoO2, for instance, is typically

3–5 mAh g�1. Yet, this loss is relatively small, but it increases for materials that

have a smaller structural stability such as LiNiO2, in which case, the irreversible

capacity raises up to 20–30 mAh g�1. On the negative electrode side, the cause for

the irreversible loss of capacity is different. In particular, for carbon-based anodes,

the initial irreversibility is due to the formation of the solid-electrolyte interface

(SEI) caused by the reduction of the electrolyte at the surface of the anode. The

exact value of the irreversible capacity in this case depends on the shape, size and

crystallinity of the carbon particles, but it remains in the range 20–30 mAh g�1.

Note that this part of the irreversible loss of capacity is due to the Li+ ions that are

trapped in the SEI on the anode, but these Li+ ions have been supplied by the

positive electrode during the first charge. On the other hand, Chap. 10 gives

examples of situations where the initial irreversibility is huge, either because of

the destruction of the crystallinity (amorphization) of the anode material during the

first charge (for example: Si), or because of irreversible chemical reactions during

the first discharge (for example: anodes based on alloying/de-alloying reactions).

The irreversible capacity for such anodes is so large that attention is focused on the
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reversible capacity measured after the first or second cycle of the half cell, since it is

the capacity that can be delivered during the life of the battery. In any case, the

coulombic efficiency after the two first cycles for a battery of interest (i.e., already

commercialized or under investigation in research laboratories) is close to 100 %.

15.2 Negative/Positive Capacity Ratio

The negative electrode/positive electrode ratio N/P is also called the balance of the

battery. To understand the importance of this parameter, let us first consider the

case of a negative electrode with initial capacity 100 mAh with irreversible capacity

10 mAh. This means that, in an experience made on a cell with this electrode and

Li-metal as the counter-electrode, the measurements have shown that the formation

of the SEI has consumed 10 mAh, so that the capacity delivered by the electrode

after formation of the SEI is 90 mAh. For this half-cell, the formation of the SEI has

no consequence, and does not limit the capacity of the half-cell, because the metal-

Li is a reservoir that can provide as much of Li+ ions as we need. This, however, is

not true for the full cell. To see the effect, let us consider now the full cell with this

negative electrode, and a positive electrode with an initial capacity 100 mAh and

irreversible capacity 20 mAh, so that its reversible capacity is 80 mAh. During the

first charge, the capacity of the positive electrode is just sufficient to allow for the

formation of the SEI that consumes 10 mAh, plus fully charge the negative

electrode with an amount of Li+ ions corresponding to a capacity of 90 mAh.

Upon discharging, these Li+ ions will be delivered by the negative electrode to

the positive electrode, so that only the amount of lithium inside the positive

electrode now corresponds to a capacity of 100-10¼ 90 mAh. However, a part of

them corresponding to the irreversible capacity 20 mAh will be trapped, so that the

capacity of the battery will be 90-20¼ 70 mAh, while the negative electrode has a

larger capacity. Therefore, the formation of the SEI has now contributed to a

decrease of the reversible capacity of the full cell.

It might be tempting to increase the amount of active product in the positive

electrode to increase the capacity of the battery. However, this may be not a good

idea. Let us assume for instance that we increase the capacity of the positive

electrode by 50 %. Then the initial capacity of the positive electrode is 150 mAh,

and the irreversible capacity is 30 mAh. During the first charge, 100 mAh out of the

150 mAh available will be delivered by the positive electrode like before. Actually,

if the charge is stopped at this stage, then, during the first discharge, 90 mAh will

return to the negative electrode. The amount of lithium that the positive electrode

can deliver in the second charge corresponds to a capacity of 140-30¼ 110 mAh

capacity available to proceed reversibly upon cycling, larger than the 90 mAh that

the negative electrode can absorb, so that the reversible capacity is simply the

reversible capacity of the negative electrode: 90 mAh. However, batteries are used

usually under conditions of deep charging and discharging. In the case of the cell

we have chosen, after an amount of lithium corresponding to 100 mAh have been
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transferred to the negative electrode, further charging will still move the lithium

remaining in the positive electrode to the negative electrode. Since, however, there

is no more room for additional Li in this negative electrode, the lithium will

accumulate at the surface of the negative electrode, and will thus form a Li-metal

film. This effect known as lithium plating, results in a serious threat for the safety of

the battery because of the possible formation of lithium oxides, so that this situation

is actually prohibited. Therefore, the first criterion in the design of a battery is that

the capacity of the negative electrode must be larger than the capacity of the

positive electrode, despite the advantage of a gain in capacity of the battery that a

larger capacity of the positive electrode might induce.

Taking this rule into account, let us see if we can increase the capacity of the

initial battery we has envisioned, by increasing the capacity of the negative

electrode by 50 %, instead of that of the positive electrode. Then we are left with

a positive electrode with capacity 100 mAh, irreversible capacity 10 mAh, and the

negative electrode now has a capacity 150 mAh, and irreversible capacity 15 mAh.

Now, the same considerations as before show immediately that after the end of the

first cycle, the capacity is 100-15-20¼ 65 mAh instead of the initial 70 mAh when

the capacity of the negative electrode was only 100 mAh. Therefore the increase of

capacity of the negative electrode has actually led to a decrease of the capacity of

the battery. This is due to the increase of the irreversible capacity due to the

formation of the SEI that increases in the same proportion as the reversible capacity

of the negative electrode, when it is obtained by simply adding active particles

(same size and same shape).

Of course the example we have chosen is oversimplified: there are some

degradations of the capacity upon cycling and in time, also we have assumed that

the loss of irreversible capacity on the anode side was only due to the formation of

the SEI supposed to be stable, and so on. It is sufficient, however, to illustrate the

importance of the choice of the balance of the electrodes to determine both the

safety and the capacity of the batteries.

Since the balance of the battery is a very important parameter, the battery

manufacturers are usually reluctant to communicate on it. The information is

released for the old-fashioned LiCoO2//graphite cell that has been used for

30 years. For a standard “18650” cell (i.e., cylindrical, diameter: 18 mm, length

65 mm), the width of the anode is ~59 mm, slightly larger than the width of the

cathode ~58 mm, so that the condition of a capacity of the negative electrode larger

than that of the positive electrode is fulfilled, with the ratio N/P¼ 1.1.

15.3 Electrode Loading

The electrode loading refers to the quantity of electrode material that is deposited per

unit area of the current conductor foil. This is also an important parameter that needs

to be optimized. Too large loading levels introduce excessive resistance within the

electrode layer and thus limits the electrical current that can cross the electrode, i.e.,
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reduces the rate capability of the battery. On the other hand, decreasing the loading

level increases the rate capability, but it also reduces the mass of active materials and

thus the energy density. Therefore, an increased electrode area is required to

compensate this reduction in order to keep the same capacity, which in turn requires

a larger amount of metal foil on the current collector, and thus a mass penalty that

may be larger than the reduction of the gain of mass associated with the decrease of

the loading. One might wish to decrease the thickness of the metal foil to overcome

this difficulty, but of course, there is a limitation imposed by the need to handle the

foil during the manufacturing process of the battery. We recover here the basic

conflict in Li-ion batteries between high power and high energy. Therefore, the

loading level (in g cm�2) is always a compromise, and its optimization is again

specific to the powder that is used for the electrode, since the effective surface area

also depends on the size and shape of the particles.

15.4 Degradations

The loss of capacity either with cycling (cycle life) or simply with time (calendar

life) has different causes, we review in this section.

15.4.1 Damage of the Crystalline Structure

With the noticeable exception of Li4Ti5O12, the active anode materials change

volume when they absorb or release lithium. Upon cycling, this results in a fatigue

of these active materials. In extreme cases, the result is a pulverization of the

particles (see the case of Si anodes, Chap. 10). More often, like in graphite, it

results in micro-cracks, exposing new parts of the particles to the electrolyte, in

particular at the end of deep discharge where the variation of volume is the largest.

The interaction of this new part of the active particles with the electrolyte results in

the formation of additional SEI when the battery is recharged, which requires a

consumption of Li, and thus a decrease of the capacity. Meanwhile the increase of

the SEI leads to an increase of the resistance of the battery, and thus lowers the rate

capability. In addition, this aging of the surface of the particles also results in

modified electrochemical properties and thus aging of the battery.

15.4.2 Dissolution of the SEI

Traces of contaminants can be introduced in the electrolyte during manufacturing.

They also can simply result from dissolved species from the positive electrode. The

reason is that the positive electrode is susceptible to oxidation at the end of charge.
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The dissolved species, in some cases, act as catalysts that dissolve the SEI, in

particular at the end of the discharge where the SEI is less stable. To understand the

consequence of such an effect on the battery, let us return to the same example

similar to the one we used before, with a full cell doted with a positive electrode of

initial capacity 110 mAh, irreversible capacity 10 mAh, so that its reversible

capacity is 100 mAh, and a negative electrode of initial capacity 130 mAh, includ-

ing an irreversible capacity 50 mAh required for the formation of the initial SEI.

After the first cycle, the capacity of the cell is thus 110-10-30¼ 70 mAh, smaller

than the capacity 80 mAh of the negative electrode as required. Now we assume a

degradation of the positive electrode so that, after 100 cycles, the SEI has been

partly dissolved and the irreversible capacity associated to it has been reduced by

10 mAh. Then, if this is the only modification in the cell, the capacity after

100 cycles has increased to 80 mAh, just equal to the capacity that the negative

electrode can afford, so that further degradation will result in the formation of a

lithium plating at the surface of the negative electrode, just what we do not want. Of

course, this is an extreme situation, but it illustrates the damage that may result from

the degradation of the cathode if the resulting species dissolved in the electrolyte

dissolve the SEI. It also points to the importance of choosing the couple positive-

negative electrodes so that a stable SEI is formed (see Chap. 1).

15.4.3 Migration of Cathode Species

The dissolved species from the positive electrode can also migrate from the positive

to the negative electrode. In this case, they can undergo reduction and produce

additional surface layer. An example is the dissolution of manganese into the

electrolyte in case of the LiMn2O4 spinel. As any chemical reaction, this oxidation

accelerates with temperature. The experience has been made after a hot summer in

the USA, where the electric cars equipped with this anode were recalled by the car

maker for change of the batteries out of use. In more dramatic cases, met in

particular with Ni-rich layered metal oxides, the oxygen may be released

form the positive electrode, move to the carbon anode with which it will react to

form CO2.

15.4.4 Corrosion

Any residual presence of water will engender corrosion of the collectors. The

lithium salt used in the Li-ion batteries is normally LiPF6, which has a very good

conductivity, and presents the advantage of protecting the collector in aluminum

from corrosion. However, it reacts with water to form hydrofluoric acid HF that is

very corrosive and thus attacks metallic collectors according to the reaction:
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LiPF6 þ 4H2O ! 5HFþ LiFþ H3PO4: ð15:1Þ

It is thus primordial to take care during the manufacturing of the battery to avoid the

introduction of any trace of water.

15.5 Manufacturing and Packaging

The components of a cell are the two electrodes, the separator, and the electrolyte.

The choice and role and choice of the separator have been reviewed in the chapter

devoted to the safety. In this section, we review the different steps to assembly these

elements in the manufacturing of the cells.

15.5.1 Step 1: Preparation of the Active Particles
of the Electrodes

The synthesis of the active particles used as active elements of the electrodes, and

their performance depending on the size, shape, composition, is the topic treated in

the chapters devoted to anodes and cathodes. We have shown in these chapters that

the active particles for both the positive and the negative electrodes are now

nanoparticles. The technology of the nanoparticles is a domain in itself, and we

engage the reader to read specialized books devoted to the subject [1]. We thus

assume here that the step of the preparation of the active nanoparticles is achieved.

In the chapters devoted to the positive and negative electrodes chapters, however,

the electrodes were built with homogeneous powder since the purpose was to test

the active elements and to compare their electrochemical properties. We have seen,

however, that each material has its advantage and inconvenience, so that the choice

depends on the application of the battery. In many applications that rely on Li-ion

batteries for energy storage, the nominal duty cycle consists of a long-duration base

load (typically to support ancillary or standby functions) punctuated by shorter

durations of higher power demand for events such as physical actuation or com-

munication uplink [2–4]. In the absence of electrode materials that can deliver both

very high energy specific energy as well as high-rate capability, this type of power

profile has led system designers to select either lower energy density systems that

can support high discharge rates, or to specify dual-rate hybrid energy storage

systems that use two independent storage devices: one low-rate high energy, the

other high-rate low energy [5–7]. This solution leads to increased complexity at the

systems level, where separate charge control electronics, packaging and wiring are

needed. There is, however, another possible solution: a dual-rate hybrid battery that

is based on two different active cathode materials that are incorporated into the

same positive electrode structure and work in concert. The approach is not new, as

there are many publications, both in the academic and patent arenas, which describe
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the idea in different forms. For example, several groups have examined mixing

layered LiMO2 (M¼Ni, Co, Mn) and spinel LiMn2O4 in the same cathode structure

[8–10]. Other groups examined mixing LiMO2 and Li2RuO3 in a similar fashion

[11]. A use of LiFePO4:LiCoO2 multi-layered structure has also been proposed to

increase cell tolerance to overcharge [12]. A US patent covers a broad range of

possible electrode compositions and describes in detail specific cathode active

material blends, including mixed LiMO2 layered materials hybridized with

LiMPO4 materials [13]. This is a process increasingly popular for the positive

electrode. For instance, the carbon-coated LiFePO4 is known to be the safest

cathode element, and it can deliver very high power up to 50C rate [14, 15]. This

is thus the best cathode active element for batteries in hybrid vehicles for instance

[16, 17], since this battery should be able to support a large C-rate upon charging to
recuperate the maximum energy during the braking phase, and fast discharge during

accelerations of the car. The energy density of LiFePO4, however, is rather small,

since the operating voltage is 3.5 V, and the capacity is 160 mAh g�1. This is a limit

for use in electric cars, since the driver wants the largest possible autonomy. For the

lamellar compounds, it is just the opposite: they are not safe, have poor rate

capability, but large capacities. In particular, the pseudo-binary system xLi
[Ni0.5Mn0.5]O2:y[Li[Li0.33Mn0.67]O2 has been found to have particularly large

capacities, reaching 250 mAh g�1 for x¼ y¼ 0.5, i.e., for Li[Li0.17Mn0.58Ni0.25]

O2 (when charged to 4.8 V) at low C-rate [18–20]. Therefore, it is tempting to build

a positive electrode in which both of these active elements are present to find a

compromise between their advantages and disadvantages. There are three different

means of preparing this electrode, shown in Fig. 15.1 [21]. The two active materials

can be (a) completely mixed in a single monolithic electrode; (b) segregated into

two different areas; (c) layered with the LiFePO4 at the bottom, i.e., in contact with

the aluminum in all these cases. The tests performed on the cells with the electrodes

prepared in the three configurations have shown that it is less advantageous to mix

or layer the two active elements. This is easily understood as follows. When the Li

Completely mixed

Segregated

Layered

Li[Li0.17Mn0.58Ni0.25]O2FePO4

a

b

c

Fig. 15.1 The different means of preparing a Li[Li0.17Mn0.58Ni0.25]O2 electrode
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[Li0.17Mn0.58Ni0.25]O2 and the LiFePO4 are mixed intimately, all the particles are

forced to be equipotential with their neighboring particles because they are in

electrical contact via the high surface area conductive diluents. The consequence

is an increased degree of overall electrode polarization, though the higher conduc-

tivity of the C-LiFePO4 material was still able to combat severe polarization to

some degree, as it likely offered a direct conductive route through the thickness of

the electrode.

The layered case is more extreme: here both the electronic and the ionic

conductivities of both of the constituents are manifested, as the C-LiFePO4 is not

present throughout the electrode to aid in electrical conductivity. All cell current is

then forced to pass through the Li[Li0.17Mn0.58Ni0.25]O2 material, damming the rate

capability of the electrode.

On the other hand, in the case of the physically segregated electrodes, the entire

Li[Li0.17Mn0.58Ni0.25]O2 electrode can be polarized as a single body under higher

discharge rates, thereby driving most current through the LiFePO4 electrode. In this

case, it s not requisite that all of the Li[Li0.17Mn0.58Ni0.25]O2 and LiFePO4 active

particles be held at the same potential within their separate electrodes.

In conclusion, mixing two active materials with disparate rate capabilities into a

composite electrode is not equivalent to placing the electrodes in parallel at either

an electrode or cell level. The best electrode configuration consists of segregated

active materials contacting a common current collector. This arrangement allows

the high-rate material to contribute fully under high current loads, without suffering

the significant polarization effects associated with the low-rate material. This

configuration is most similar to putting separate cells made using pure positive

electrodes of the specific materials in parallel at the circuit level, a solution that is

less appealing for applications requiring compact energy storage devices and

simple charge control electronics. The voltage profile of the Li

[Li0.17Mn0.58Ni0.25]O2—carbon coated LiFePO4 in 50:50 wt% ratio built in this

configuration with Li metal counter-electrode is shown in Fig. 15.2. The results

were obtained by spray-deposition of the powders mixed in NMP solvent bath with

10 wt% binder and 10 wt% carbon black conductive diluents (see the next step

devoted to the preparation of this laminate). The data were collected after several

low-rate formation cycles were completed on the cells to encourage electrode SEI

stabilization. One recognizes the voltage plateau at 3.45 V corresponding to the

contribution of the LiFePO4 part, to which is superposed the contribution of the Li

[Li0.17Mn0.58Ni0.25]O2 component. A battery obtained by assembling such cells

delivers over 700 W/kg at low rates and 300 W kg�1 at the rate of 3C.

15.5.2 Step 2: Preparation of the Electrode Laminates

The preparation is similar for both electrodes. First a conductive agent (usually

carbon, acetylene black) is added to the powder in order to absorb the dilatation-

contraction of the particles, and improve the electrical conductivity of the powder.

Then a binder is added to plasticize the electrode, so that it can be handled.
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15.5.2.1 The Binder

The typical binder is the polyvinylidene fluoride (PVdF). In the cell manufacturing

processes, N-methyl-2-pyrrolidone (NMP) is generally used as a solvent to dissolve

the PVdF binder. Despite the widespread use of NMP, it has some disadvantages

such as high cost, environmental issue associated with NMP recovery, and the

severe processing control of the relative humidity (to be <2 %) to avoid the

corrosion effects discussed earlier in this chapter. Also, the PVdF has strong

binding strength, but low flexibility. The low flexibility can easily deteriorate

cycle life characteristics of the battery due to the breaking of the bonds between

active particles when important expansion/contraction process occurs during charg-

ing and discharging process. Therefore, a new trend is being developed to substitute

the PVdF binder by another binder having a better elasticity to absorb the expansion

and contraction stresses during cycling, in particular in anodes [22, 23]. In the case

of Si-anodes, in particular, where the change of volume upon insertion or

de-intercalation of lithium is very high, PVdF does not lead to good results. In

such a case, the selection of a more flexible binder is very important for the

electrochemical performance of anode electrodes [24–27]. So far, candidates for

various new binders for Si anodes have included styrene butadiene rubber-sodium

carboxymethyl cellulose (SBR-SCMC), sodium carboxymethyl cellulose (SCMC),

polyamide imide (PAI), and polyacrylic acid (PAA), polyimide (PI), algae, among

others [27–35] (see also Chap. 10).

Other reasons have been brought up to substitute PVdF: safety aspect of the battery,

its high cost [36, 37]. Fluorine is one of the degradation products in the battery that

produces stable LiF. Depending on liquid electrolytes, the formation of LiF and

other harmful products with double bond (C¼CF�) is accelerated [38–40].
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Further, self-heating thermal runaway can be induced.With respect to safety, a binder

such as PVdF, which is soluble in organic solvent, is dangerous to humans and the

environment. Consequently, many efforts have been done to identify suitable alterna-

tive non-fluorinated binders soluble in agent friendlier than an organic solvent. Such

aqueous binders have been successfully tested and are increasingly popular for the

negative electrodematerials [23, 37] since some time. Their advantages are as follows:

(1) low cost, (2) no pollution problem, (3) enhancement in the activematerial ratio in a

cell owing to the reduction of binder content, (4) no requirement for strict control of the

processing humidity, and (5) fast drying speed in electrode fabrication. SBR/CMC

composite agent is the most popular aqueous binder, where styrene-butadiene rubber

(SBR) is the primary binder, and sodium carboxymethyl cellulose (CMC) is the

thickening/setting agent. Nowadays, some elastomers are commercially used as a

binder for anodes in Li-ion batteries.

Recently, effort has started in the preparation of the positive electrode slurry as

well [41]. However, the transition from nonaqueous to aqueous coating process has

encountered some unexpected difficulties related so slurry formulation, viscosity

control and film processing, which must be overcome for successful implementa-

tion in Li-ion batteries. Looking as an example the at the case of LiFePO4 which is a

recently commercialized positive electrode, we find that the compatibility of the

elastomer binder compared to the PVdF binder, and how they connect or interact

with the LiFePO4 particles is different. Figure 15.3 illustrates the binding models

with elastomer and PVdF binders. Regarding the CMC, it is very difficult to observe

it directly in the electrode structure. We speculate that very thin CMC layer is

coated at the active material of LiFePO4, and some part acts as a rigid binder.

During the aqueous slurry preparation process, the CMC is very important as a

thickener to control the viscosity, but after coating the CMC stays almost

unchanged in the electrode. CMC is an electrochemically inert part in the electrode

and then eventually has no significant role in the dried electrode. We consider that

the elastomer contacts quite a small surface area of each particle. This contact is

enough to ensure good binding and still gives flexibility to the electrodes. The high

flexibility is confirmed by the smaller electrode density when CMC is used instead

of PVdF with the same active particles, and the elastomer was found to be twice

Elastomer
Active

material

PVdF
a b

Fig. 15.3 Illustration of the binding models with (a) elastomer and (b) PVdF binder
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more flexible than the PVdF [41]. Thus, the binder absorbs the expansion and the

contraction of the active particles during the repeated charge and discharge since its

flexibility is increased, so a battery having improved cycle life characteristics can

be fabricated. In contrast, PVdF contacts a larger surface area that affects the

electrode flexibility and battery cycling life. Moreover, the elastomer shows good

oxidation stability up to 6 V, while PVdF shows degradation at 5.4 V. Therefore,

this elastomer can be used as a binder for the next generation of 5 V-negative

electrodes, while PVdF cannot be used with them, since PVdF oxidation forms a

degraded fluorinated polymer, and then eventually to HF [41]. Even at the higher

voltage where the elastomer degrades, the main degradation product is based on the

aromatic hydrocarbon structure. This then should be the future binder not only for

the negative, but also for the positive electrodes as well. However, the drawback of

the aqueous suspension is the tendency of the powder to agglomerate because of the

strong hydrogen bonding and electrostatic interactions [42]. Therefore, attention

must be paid in implementing elastomers to control the dispersion in order to avoid

the agglomeration during the preparation of the slurry. The typical mass of active

materials, binder, and carbon black in dry components ranges from 75 to 90 %, 5 to

10 %, and 5 to 15 %, respectively.

15.5.2.2 Deposition on the Current Collector

The mixing of the active power, the carbon additive, and the polymer binder

dissolved in a solvent is done by a planetary mixer. At the exit of the planetary

mixer, the mixture that has the consistency of an ink must be deposited on the

aluminum foil (positive electrode) of copper (negative electrode). This can be done

by casting, coating of printing processes.

(a) Casting. Tape casting can be used to produce films as thin as 5 μm, while the

typical thickness after drying is in the range 1.3–25 μm [43]. In this process,

the slurry for the positive electrode is poured in a reservoir behind a “doctor

blade” tool [44], and then cast on a moving Al foil carrier. When the slurries

pass under a doctor blade, they will display a lower viscosity under the shear of

the blade and a higher viscosity downstream from the blade. This prevents the

slurries from spreading out of the cast region. The thickness of the wet film is

given by the gap between the doctor blade and Al foil and the speed at which

the Al foil moves. After the casting, the wet electrode is moved is dried so that

the solvent is evaporated from the surface. At this stage, the pre-dried tape is

transferred in a vacuum oven for further drying. The drying process is due to

two mechanisms: evaporation of the solvent from the surface, and diffusion of

the solvent through the tape to the surface. The fastest way to dry a tape is to

heat the bottom of the tape without heating the air to enhance the solvent

mobility in the tape, but the drying rate remains small enough so that the

solvent concentration remains more or less uniform throughout the tape during

the drying process.
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(b) Coating. The coating is quite an important process. The reader that wants more

details can consult a book of 784 pages [45] devoted to the problem. Here, we

simply give the basics of the process concerning the manufacturing of Li-ion

batteries. Slot-die coating is another means of preparation of the negative

electrodes [46]. In this process, the coating is squeezed out from a reservoir

through a slot-die under hydraulic “pump” pressure onto a moving aluminum

foil (Fig. 15.4). The slot is oriented perpendicular to the direction of aluminum

foil movement. The success to obtain a uniform film is conditioned by the

stability of the coating bead that fills the gap between the slot-die and the

aluminum foil. The coating speed can be increased by applying vacuum

underneath the coating bead [47]. The horizontal position of the slot-die

provides the best combination of air purging at start-up and clean operation

that are mandatory to make sure that the deposited film is free of any impurity.

Indeed, one advantage of the slot-die method is the low contamination of the

coating layer, as the entire slurry flow path is sealed against the environment

until the slurry reaches the aluminum foil. Another advantage of this process is

that it is contact-less because there is no doctor blade resting on the substrate,

it generates no additional tensile stress in the substrate foil. Also, the coating

thickness is determined by flow rate and web speed rather than gap thickness,

which facilitates the obtaining of a uniform and defect-free film. The optimum

operating coating parameters have been investigated in [48]. The limits of the

method have been studied by Lee et al. [49]. In particular, the higher viscosity

decreases the maximum operational coating speed above which the coating

fails. Note this viscosity depends on the choice and concentration of the

binder, but also on the size and shape of the active particles, so that it is

specific to each slurry. The minimum coating thickness is also related to

capillary number. One reason for the failure above the maximum speed limit

is that air en entrained [50]. Air entrainment may also happen for other

reasons, when the dynamic contact angle reaches 180� [50], surface roughness
of the substrate [51], surface tensions of the liquid [52].

(c) Printing. Printing techniques (gravure or silkscreen printing, flexography) can
also be used. In this case, the deposition is done by rollers covered with the

ink-like slurry. After passage through a drying tunnel, the solvent has

Fig. 15.4 Image of the

positive electrode formed

by the deposition of the

slurry onto an aluminum

foil from a reservoir through

a slot-die under hydraulic

“pump” pressure
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evaporated, and a dry electrode roller is obtained. The most popular printing

process is the screen printing, which is simple, highly reproducible, and

efficient in large-scale production [53]. In addition no post-annealing is

needed [54]. Like in the previous processes, a key issue is the obtaining of a

homogeneous and stable paste with the appropriate viscosity. Also, it is

important to optimize the adhesion strength between the substrate and the

printed thick film. Otherwise, the film can delaminate.

A method tested on LiCoO2 to increase the adhesion strength is the introduction

to the slurry of a bis-phenol epoxy, plus dicyandiamide serving as a curing agent to

remove the epoxy ring, in epoxy over dicyandiamide ratio 1/0.1 [55]. However,

epoxy tended to segregate while curing and increased the surface roughness of the

film. This problem could be overcome by adding ethyl cellulose resin to the paste,

with a ratio of epoxy/ethyl cellulose of 1/3.

15.5.2.3 Roll Pressing Process

After deposition of the film, the strip of the electrode must be compressed, decreas-

ing from 70 to 20–40 % the porosity, another important parameter that needs to be

adjusted: the porosity must be large enough to allow for a good contact between the

particles and the electrolyte, and thus a large effective surface area available for the

electrochemical reactions; but is has to be small enough so that it does not impair

the electrical contact between the active particles and the current collector. First, the

edges of the strip are trimmed away to remove creases arising from thickness

differences between coated and uncoated areas. The next step is to divide the

strip lengthwise to obtain the electrode. Then, the electrode is preheated before

introduction into the roll, so as to press the electrode well. A non-woven cleaning

process removes impurities from the electrode surface, and finally, this electrode is

wound onto a roll while maintaining tension.

15.5.3 Assembly Process

The winding process produces a jelly roll by attaching a tab to the electrode and

placing the separator between the two electrodes followed by cylindrical winding.

Ultrasonic welding is used to attach an aluminum and a nickel tab to the positive

electrode and negative electrode, respectively. The reforming center process

removes creases at the center of the jelly roll, and creates space to insert the welding

tip. At this stage, the jelly roll is tested. Its electrical resistance is measured to check

that it is larger than tens of MΩ. If the cell that is going to be manufactured is of

cylindrical shape, the jelly roll is now ready for insertion in the can. However, when

packs of many cells are required to make a battery, like in the case of electric

vehicles, for instance, the cylindrical shape is not the most convenient because of
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the low packing density. For this purpose, the cells are rather prepared in prismatic

shape, in which case the jelly roll is pressed before insertion in the can (Fig. 15.5).

The jelly roll is inserted in the can to a certain depth that is controlled by X-ray

inspection. The anode tab is bent for welding to the floor of the can. In the assembly

of a cylindrical cell, the beading process creates a bent groove for the gasket to

reach the top the can.

It is then time to inject the electrolyte. In the process, the internal pressure is kept

lower then the atmospheric pressure, and the electrolyte is allowed to be impreg-

nated into the jelly roll by introducing air into the can. After the electrolyte

injection, electrolyte surrounding the electrode tap and beading area is wiped

with a non-woven cleaning. Finally, the gasket is inserted.

The negative electrode tap welding process includes the bottom of the current

break assembly. The current break is enabled by ultrasonic welding of the central

area of the safety vent assembly (see Chap. 14).

The crimping process applied pressure to the top part of the battery containing the

current break assembly, the positive temperature coefficient (PTC) and cap-up. After

sealing the current break, the PTC, and the cap-up either soldered shut by a laser beam

or into a heat-sealed soft pouch, the crimped cell is pressed to maintain a constant

height. The cell is ready for inspection byX-rays to check for any defect and verify the

internal assembly of all these elements. After washing with water to remove electro-

lyte and any impurity at the surface, the cell is dried to eliminate moisture. Finally, the

battery in imprinted with the manufacturing factory, line number and date.

15.5.4 Formation Process

Since the SEI is formed during the initial charging, it is of primary importance for

the future performance and the life of the battery that the first cycles to be done

according to a protocol that permits the SEI to be well formed and stabilized to

Fig. 15.5 (a) Li-ion flat aluminum bag cell (Ionic liquid/polymer type) with an active surface area

of 104 cm2 and (b) prismatic 20-Ah Li-ion cell (A4 format)
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avoid decomposition of the electrolyte (Fig. 15.6). That is this formation test is

made by the manufacturer, and must then be considered a part of the manufacturing

process. Some of the faulty cells can also be detected during this procedure, because

the main cause of failure is internal short-circuits, leading to drop in the open circuit

voltage and discharge capacity. These faulty batteries are discarded, and the

tolerance on the capacity is small, because when they are connected in parallel or

in series inside a pack, they must have the same characteristics, and in particular the

same capacity within 3 %. Therefore, when the battery has been prepared by

following the previous steps described in Sects. 15.4.1–15.4.4, it is fully charged

and stabilized for few hours. After elimination of any faulty cell, the fully charged

cells are then kept under constant temperature and humidity for a month and

controlled. Then the battery is fully discharged to check for its capacity, and the

battery is classified according to its discharge capacity, one level corresponding to

3 % discharge capacity. The battery is now ready to be commercialized, and in the

discharged state.

15.5.5 The Charger

The first task of the consumer after he/she has bough a battery is then to charge it.

This operation is done by a charger. Inside this device, electronics protect the

battery from overcharge that, by definition, occurs when too much of lithium is

sent to the negative electrode. As we have seen in the section devoted to the

capacity and balance between the electrode, the negative electrode, by construction,

should have a capacity larger that the positive electrode. Therefore, it is not possible

in principle to reach a situation where an excess of lithium coming from the positive

electrode would form of lithium layer at the surface of the negative electrode.

Nevertheless, overcharge results in a sharp increase in the voltage associated to the

rise in the internal resistance of the battery, resulting in an increase of the internal

temperature and possible thermal runaway and battery fire, because when the active

particles of the positive electrode have been emptied from their lithium content,

Fig. 15.6 TEM images showing the SEI formation onto the surface of graphite electrode.

(a) Fresh electrode, (b) after discharge at 1.2 V and (c) after discharge at 0.05 V. White and red
arrows indicate the edge of graphite and SEI layer, respectively

15.5 Manufacturing and Packaging 599



they are insulating. In some cases, it also results in a structural collapse of the active

particles of the positive electrode, with the risk of explosion. The battery charge is

thus equipped with an electronic device to control carefully the charge of the

battery. In case the lithium intercalation/extraction of lithium of the active particles

of at least one of the two electrodes proceeds through a solid solution, the voltage of

the cell depends on the charge of the cell. The control can then be made by

measurements of the voltage. In case the lithium intercalation/extraction proceeds

with a two-phase reaction, we have seen in Chaps. 1 and 2 that the voltage profile is

a plateau; in this case, met in the new generation of batteries with LiFePO4 as a

cathode in particular, the control is done by measurements of the current, which,

integrated over time, determines directly the amount of Li+ ions that have been

transferred to the negative electrode. In any case, the operational voltage at a given

state of charge is specific to the each positive-negative electrode couple. In addi-

tion, the current that cross the battery during the charge must be controlled and

limited so that the battery is not too far from thermodynamic equilibrium during the

charge process, otherwise large over-potential would occur. The charger is also

equipped with electronics to control the dynamics of the charge process. Usually,

the charge is triggering process, in which the charge proceeds by steps, each step

being defined by charging controlled by the current followed by a period of time

where the battery is left at rest for equilibration. Again, the kinetics of the motion of

the lithium inside the battery is specific to the choice of the electrodes. For these

reasons, it is mandatory to charge the battery with the charger delivered by the

constructor, i.e., the charger that has been adapted specifically to this particular

battery.
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Acronyms

a.c. Alternative current

AFM Antiferromagnetism

ALD Atomic layer deposition

ARC Accelerating rate calorimeter

ASTM American society for testing and materials

BET Brunauer–Emmett–Teller

BMS Battery management system

ccp Cubic close-packed array

CDMO Composite dimensional manganese dioxide

CE Coulombic efficiency

CMD Chemical manganese dioxide

CMOS Complementary metal oxide semiconductor

CN Coordination number

CNT Carbon nanotube

CPE Constant phase element

CPO Close-packed oxygen

CVD Chemical vapor deposition

d.c. Direct current

DEC Diethyl carbonate

DEG Diethyleneglycol

DHPG Doped hierarchically porous graphene

DMC Dimethyl carbonate

DMF N-dimethylformamide

DOD Depth of discharge

DSC Differential scanning calorimetry

DSL Disordered surface layer

DVA Differential voltage analysis

EC Ethylene carbonate

EDS Energy dispersive spectroscopy
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EIS Electrochemical impedance spectroscopy

EMC Ethylmethyl carbonate

EMD Electrolytic manganese dioxide

EMI 1-Ethyl-3-methylimidazolium

EPR Electron paramagnetic resonance

ES Energy storage

ESCA Electron spectroscopy for chemical analysis

ESR Electron spin resonance

EV Electric vehicle

EXAFS Extended X-ray absorption fine structure

FC Field cooling

fcc Face cubic centered

FEC Fluorinated ethylene carbonate

FM Ferromagnetism

FTIR Fourier transform infrared

Fwhm Full width at half maximum

GBL γ-Butyrolactone
GHG Greenhouse gases

GITT Gavanostatic intermittent titration technique

GNR Graphene nanoribbon

GNS Graphene nanoscroll

GS Graphene sheet

HEV Hybrid electric vehicles

HPPC Hybrid pulse power characterization

HOMO Highest occupied molecular orbit

HRTEM High-resolution transmission electron microscopy

HTR Hydrothermal reaction

HWS Heat-wait-search

HWHM Half width at half-maximum

IEA International Energy Agency

IC Intercalation compound

ICA Incremental capacity analysis

ICM Isothermal microcalorimeter

ICP Inductively coupled plasma

IPA Isopropyl alcohol

ITO Indium tin oxide (tin-doped indium oxide)

JCPDS Joint committee on powder diffraction standard

JT Jahn-Teller

LCO LiCoO2

LCP LiCoPO4

LFP LiFePO4

LIB Lithium-ion batteries

LiBOB Lithium bis(oxalato)borate

LiFAP LiPF3(C2F5)3
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LiTFSI Lithiumbis(trifluoromethane) sulfonamide

LMB Lithium-metal batteries

LMO LiMn2O4

LMP LiMnPO4

LNM LiNi0.5Mn1.5O4

LNMC Li-rich NMC

LNO LiNiO2

LNP LiNiPO4

LTO Li4Ti5O12

LUMO Lowest unoccupied molecular orbital

LVP Li3V2(PO4)3
MAS Magic angle spinning

MDO Manganese dioxide

MOC Mesoporous carbon

MWCNT Multi-walled carbon nanotube

NaCMC Sodium carboxymethyl cellulose

NASICON Na+ superionic conductor

NC Nitrogen-doped carbon

NCA LiNi0.8Co0.15Al0.05O2

NCO LiNi1�yCoyO2

NIR Near infrared

NMC LiNixCoyMnzO2

NMO LiNi0.5Mn0.5O2

NMP N-methyl-2-pyrrolidone

NMR Nuclear magnetic resonance

Nn Nearest neighbouring

NRA Nanoribbons array

Nw Nanowire

OCV Open-circuit voltage

PAA Poly(acrylic acid)

PbBat Lead acid battery

PC Propylene carbonate

PCNF Porous carbon nanofibers

PEDOT Poly(3,4-ethylenedioxythiophene)

PEO Polyethylene oxide

PHEV Plug hybrid electric vehicles

PLD Pulse-laser deposition

PMMA Poly(methyl methacrylate)

ppm Part per million

PVA Poly(vinyl alcohol)

PVdF Polyvinylidene fluoride

PVP Poly-vinyl-pyridine

RBM Rigid-band model

rf Radio frequency
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rms Root-mean-square

RS Raman scattering

SAED Selected area electron diffraction

SDR Self-discharge rate

SEI Solid electrolyte interphase

SEM Scanning electron microscopy

SFLS Supercritical fluid–liquid–solid

S.G. Space group

SOC State of charge

SQUID Superconducting quantum interference device

SSR Solid state reaction

SVO Ag2V4O11

SWNT Single-walled carbon nanotubes

tEG Triethyleneglycol

TEG Tetrathyleneglycol

TEM Transmission electron microscopy

TF Thin film

TM Transition metal

TMD Transition-metal dichalcogenide

TMO Transition-metal oxide

TNO TiNb2O7

TTFP Tris(2,2,2-trifluoroethyl)phosphate

USABC United States advanced battery consortium

USP Ultrasonic spray pyrolysis

V2G Vehicle-to-Grid

VC Voltammetry cyclic

vdW van der Waals

VLS Vapor–solid–liquid

XANES X-ray absorption near-edge structure

XPS X-ray photoelectron spectroscopy

XRD X-ray diffraction

XRPD X-ray powder diffraction

ZFC Zero-field cooling

1D One dimensional

2D Two dimensional

3D Three dimensional
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Index

A
Absorption spectra

1T-TaS2, 104, 105

TiS2, 101

TMDs, 99, 100

Accumulator, 7

Adjacent domain, 80

Alkali intercalation, layered compounds,

81–83

Alloying, 393

Alloying/de-alloying reaction

GeO2 and germanates, 364

Si oxides, 361–364

Sn oxides, 365–370

Alloying reaction, 81–83

Ambient temperature batteries, 499

Anatase TiO2, 347–351

Atomic layer deposition (ALD), 302, 331

Anodes, 623

B
Battery(ies), 1

classification of, 21

cycle life and calendar life, 16–18

design, 10

electrochemical systems, 20–22

energy, capacity and power, 18–20

in Japan, 34

key parameters of, 11

parameters, 12–16

power output Pout, 14
recycling, 60

SOC, 16

Battery state-of-charge, 61

Battery voltage Vdis vs. discharge current, 15
Binary layered oxides (see cathode materials)

Birnessite (BR), 170

Boron doping effects, 336

Bronze polymorph, 353

C
Calendar fade, 16

Carbon-based anodes, 326

Carbon nanotubes (CNTs), 327–329

Carbon tetramethyl-ammonium penta-iodide

batteries, 37

Carbon–tin oxide (C-SnO2) nanofibers, 368

Carbon-TiO2 composites, 351

Carboxymethyl cellulose (CMC), 594

Cathode materials, 120–124, 124–126,

126–133, 133–140, 140–144,

144–150, 165, 171, 187

binary layered oxides

LiV3O8, 126–128

MoO3, 120–124

V2O5, 124–126

CPO array, 164

Five-Volt Spinels, 185

Li-Mn-O (see Lithiated manganese

dioxides (Li-Mn-O))

Li-Mn-O electrodes, 163

MDO (see Manganese

dioxides (MDO))

ternary layered oxides, 128–129

chromium oxides, 149

d-LCO, 137–138

Iron-based oxides, 150

LCO, 129–131
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Cathode materials (cont.)
Li2MnO3, 144–146

LNMC, 147–148

LNO, 132–133

Mn-based oxides, 149

NCA, 139

NCO, 133–136

NMC, 140–144

NMO, 139–140

TMOs, 163

vanadium oxides (see Vanadium oxides)

CDMOs. See Composite dimensional

manganese oxides (CDMOs)

Celgard 2325, 450

Cell voltage vs. composition, nano-sized

material, 74

Charge transport, 29

Chemical energy storage, 2

Chemical vapor deposition (CVD), 338

Chromium oxides, 149

Chronopotentiometry, 501–502

Coated Si nanostructures, 341–344

Coin cell fabrication, 550

Combustion method, 467–468

Complementary metal oxide semiconductor

(CMOS) circuit

power consumption, 4

semiconductors, 4

CoO, 371–373

Co3O4, 380–384

CO2 production and reaction

(response time), 7

Composite dimensional manganese oxides

(CDMOs), 166

Conservation of energy, 5

Conversion reaction, 88–89

370–371, 393

CoO, 371–373

CuO, 376–377

MnO, 377–379

NiO, 373–375

Coprecipitation method, 206

Corundum structure

Cr2O3, 388

γ-Fe2O3, 386–388

Mn2O3, 388–389

Coulombic efficiency, 18

Coulometric techniques, 501

C-rate, 14
Cr2O3, 388

CuO, 376–377

Curie–Weiss law, 229

Cycle fade, 16

Cycle life, 17

D
Damping factor, TiS2, 104

Darken factor, 509

Defect spinel, 181

Demetallized surfaces, 440, 441

D/G intensity, 234

Dicarboxylic acid-assisted sol–gel

method, 137

Dielectric constant, 95

Differential scanning calorimetry (DSC), 551

Differential voltage analysis (DVA).

See Electrochemical-potential

spectroscopy (EPS)

Dioxides, 389

Disordered compounds, 302–305, 307–309

amorphous SC vs. Li metal, 296, 297

definition, 296

hydrated MoO3, 300–302

LiCoO2 thin films, 312–314, 316

LiMn2O4, 314–317

LiNiVO4, 317–318

MoO3 thin films

chemical diffusion coefficient, 305

deposition techniques, 302

electronic band structure, 304

Li//MoO3 microbatteries, 303

Li//MoO3 microcells, 303, 304

partial ionic conductivity, 308, 309

thermodynamic factor, 307

MoS2, 297–300

quartz vs. SiO2 glass, 296

vanadium oxides, 309–312

Disordered surface layer (DSL)

amorphization, 475

HRTEM image, 476

LiFePO4 nanoparticles, 476–480

LiMO2 layered compounds, 480–482

lithiation–delithiation process, 475

magnetic properties, spin, 476

olivine material, 475

particles size, 474

shell–core volume ratio, 475

Doped LiCoO2 (d-LCO), 137–138

Drude-like model, 103

Drude model, free-carrier, 102

E
Electrical conductivity

of α-MoO3 and LixMoO3, 123

lithium intercalated MoS2, 108

Electrical energy storage, 25

Electricity production, TWh, 3

Electrochemical devices, 20
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Electrochemical impedance spectroscopy

(EIS), 16, 60, 508–509

Electrochemical intercalation mechanism, 127

Electrochemical-potential

spectroscopy (EPS), 501

advantage, 503

charge variation, 502

chronopotentiometry, 501–502

intercalation process, 501

Li-TiS2 couple, 501

LSV, 502

quasi open-circuit conditions, 501

thermodynamic equilibrium, 502

time scale, 504

Electrochemical properties, 60

of TMCs, 114

Electrochemical storage, 2

Electrochemical systems

batteries, 20–22

battery designs, 10

electrochromics and smart windows, 22–23

milestones, 9

Electrochromics, 22–23

Electrode, 72

type-I, 75–78

type-II, 78

type-IV, 80

Electrolyte, 444–445, 445–446, 446–447,

447–449

designs, 443–444

fire retardants, 447–449

protection against overcharge, 446–447

safety concerns with Li salts, 445–446

SEI control, 444–445

systems

enhanced ion transport, 443

irreversible capacity loss, 442

safety and hazards, 443

temperature range, 442

Electron-gas RBM, 95

Electronic band structure

InSe evolution, 114

of material, 94

of TMDs, 98

Electronic energy, ICs, 83–84

Electron probe microanalysis (EPMA), 486

Electron spin resonance, 223

Electronic spray deposition (ESD)

technique, 355

Electronic structure

lithium battery, 94

transition-metal dichalcogenides, 96–99

Electronic transport, 93

Energy density, 13

Energy storage (ES)

ability, 1–3

classification of, 6

chemical, 2

configurations, 2

discharge time vs., 6
electrical, 2

electrochemical storage, 2

gravimetric energy density, 7

mechanical, 2

for nano-electronics, 4–5

potential energy, 7

scalar physical quantity, 5

sustained energy, 3–4

volumetric energy density, 8

Energy storage systems (ESS), 22

Energy transition, 1

Ethylene carbonate (EC), 325

Eveready Battery Co., 31

EV Everywhere Blueprint program, 22

Experimental techniques, 508–509

F
Fe3O4, 384–385

FeO6 octahedra, 212

Fe2P impurity, 224

Fermi level, evolution of, 94–96

Field cooled (FC), 536

Fire retardants, 447–449

Five-Volt Spinels, 185

Fluorine doping, in Li2MnO3-LiMO2, 148

Fluoro-polyanionic compounds, 272–274,

274–277, 277–278, 278–279,

279–280, 280–285, 285–286

electrochemical performance, 269

fluorophosphates

F-doped LiFePO4, 272–274

Li2FePO4F (M ¼ Fe, Co, Ni), 273,

278–279

Li2MPO4F (M ¼ Co, Ni), 279–280

LiMPO4F (M ¼ Fe, Ti), 272, 277–278

Li1.1Na0.4VPO4.8F0.8, 282

LiVPO4F, 274–277

Na1.5VPO5F0.5, 282

Na3V2(PO4)2F3 Hybrid-ion Cathode,

280–282

fluorosulfates

LiFeSO4F, 284–285

LiMSO4F (M ¼ Co, Ni, Mn), 285–286

LiMSO4F (M¼ Fe, Co, Ni) compounds,

282, 283

tavorite and triplite structure, 284

properties of, 270–272
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Fossil energy, consumption, 3

Free-carrier Drude model, 102

Fuel

liquefied gas, 6

organic, 467

total primary energy supply, 3

G
Galvanostatic intermittent titration technique

(GITT), 501

application, 504

chemical diffusion coefficient, 505

enhancement factor, 504, 505

Faraday’s law, 506

ionic conductivity, 505

long relaxation time, 507–508

self-diffusion coefficient/diffusivity, 504

short relaxation time, 507

voltage decay, 506

γ-Fe2O3, 222, 386–388

Gel polymer electrolytes, 438

GeO2, 364

Germanates, 364

Germanium, 344–345

Gibbs’ phase rule, 73–75

Global energy sustainability, 4

Graphene, 329–331

Graphene nanoribbons (GNRs), 369

Graphite, 324, 325

Gravimetric energy density, 7

Green energy, 1

Greenhouse gases (GHG), 3

H
Half width at half-maximum (HWHM), 111

Hard carbon, 326

High temperature lithium cells

lithium chloride battery, 35

lithium iron disulfide battery, 34–35

High voltage, ICs, 84

Hybrid electric vehicles (HEVs), 22

Hybrid pulse power characterization (HPPC)

test, 53

Hydrothermal method, 206, 471–473

I
Ideal electrolyte, 432–435, 435–436

characteristics of, 432, 436–437, 437–440

electrolyte components, 432

ionic liquids, 435–436

lithium intercalation rechargeable

batteries, 437

lithium metal rechargeable batteries,

436–437

polymer electrolytes, 437–440

solutes, 433–435

solvents, 433

Incremental capacity, 110

Incremental capacity analysis (ICA)

analytical data, 513

conventional methods, 512

and DVA, 519–521

electrode potential, 512–513

insertion electrodes, 512

interaction-energy parameters, 514

LiNi0.5Mn0.5O2, 517

LiNiO2, 543–545

Li3V2(PO4)3, 517–518

redox potentials, 513

silicon nanowires, 518–519

V6O13, 514–515

Indium monoselenide, 112

Inductive effect, 96, 214

InSe, lithium intercalation, 112–114

Insertion compounds, 86

RLB, 45

types of, 69

Insertion kinetics measurements, 501–504,

504–508

EPS (see Electrochemical-potential

spectroscopy (EPS))

GITT (see Galvanostatic intermittent

titration technique (GITT))

Intercalation, 75–81, 81–83

alloying reaction, 81–83

classification of, 75

type-I electrode, 75–78

type-II electrode, 78

type-III electrode, 79

conversion reaction, 88–89

electronic energy, 83–84

Gibbs’ phase rule, 73–75

high voltage origin, 84

insertion compounds, 69

lamellar matrix, 70

layered compounds

alkali, 81–83

synthesis, 80–81

lithium battery cathodes, 85–88

mechanism, 72–73

Intercalation-deintercalation reaction, 346

electrochemical features of, 110

oxides with, 347–351
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anatase TiO2, 347–351

TiO2, 346

Ion-electron transfer reaction, reversible, 93

Ionic conductivity, 277

Ionic liquids

electrolytes, 435–436

lithium intercalation rechargeable

batteries, 437

lithium metal rechargeable

batteries, 436–437

Iron-based oxides, 150

Isopropyl alcohol (IPA), 474

J
Jet milling method, 473–474

K
Kinetic battery model (KiBaM), 61

L
Lamellar matrix, intercalation process, 69 –70

Layered compounds, 80–81, 81–83

chromium oxides, 149–150

intercalation

alkali, 81–83

synthesis, 80–81

iron-based oxides, 150

Mn-based oxides, 149

Layered-rocksalt compounds, 147

Lead, 345–346

Leclanché cell, 10

Li batteries

electrode–electrolyte

interfaces in, 440–442

Li-Mn-O compounds, 165

passivation phenomena, electrode–

electrolyte interfaces, 440–442

LiCo0.7M0.3O2,, 138

LiCoO2 (LCO), 129–131

LiCoO2-LiNiO2-LiMnO2

ternary phase diagram of, 147

triangular phase diagram, 141

LiCoPO4 as 5-V Cathode, 248

LiFePO4 (LFP), 201, 231, 233, 238,

240, 247, 248

aging

long-term water-exposed, 240

water-immersed, 238

carbon coating, 204

characterization, 231

quality, 233

carbothermal effect, 202

coat carbon, 201

coprecipitation method, 206

deviation from stoichiometry, 235

electrochemical extraction, 203

electrochemical features vs.
temperature, 242

Fe2P, 202

Fe2P impurity, 224

FTIR spectroscopy, 204, 218

γ-Fe2O3 impurity, 222

hydrothermal method, 206

inductive effect, 214

LiMnPO4 as a 4-V Cathode, 245

Li2MSiO4, 253

magnetic polaron effects, 227

magnetic properties, 221

mechanical activation, 209

micro-emulsion, 208

microwave synthesis, 207

morphology, 217

NASICON, 250

polyanionic high-voltage cathodes

LiCoPO4 as 5-V Cathode, 248

LiNiPO4 as 5-V Cathode, 248

synthesis of olivine materials, 247

polyol and solvothermal process, 207

Raman spectra, 219

sol–gel method, 205

solid-state reaction, 204

spray technique, 208

structure of olivine phosphate, 211

template method, 208

XRD patterns, 215, 241

Li-ion batteries, 32, 588–589, 589–590,

593–595, 595–597

active particles, electrodes, 590–592

assembly process, 597–598

capacity, 585–586

characteristics of, 50

charger, 599–600

degradations

cathode species migration, 589

corrosion, 589–590

crystalline structure damage, 588

SEI dissolution, 588–589

electrode laminates preparation

binder, 593–595

current collector, 595–597

roll pressing process, 597

electrode loading, 587–588

energy densities, 33

formation process, 598–599

negative/positive capacity ratio, 586–587
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Li-ion batteries (cont.)
technologies development, 52

Li//LiCoO2 cell

charge–discharge characteristics of, 130

PLD technique, 312

Li/LiI-Al2O3/PbI2 cells, 37

LiMn2O4 (LMO), 175

advantages, 176

capacity fade, 179

EIS, 180

electrolyte, 180

extraction/insertion, 179

galvanostatic conditions, 177

JT distortion, 180

nanostructured, 177

sol–gel transformation, 177

techniques, 177

LiMnPO4 as a 4-V Cathode, 245

Li//MoO3 cell

discharge–charge curves of, 122

electrochemical performance of, 490

Li2MSiO4, 253–255

Li2MnO3-LiMO2,, 148

Li1+x(NMC)1�xCo1/3O2,, 143

Linear sweep voltammetry (LSV)., 502

LiNi0.5Mn0.5O2

charge and discharge curves of, 140

magnetic properties of, 140

LiNi0.5Mn0.5O2 (NMO), 139–140

LiNiO2 (LNO), 132–133

LiNiPO4 as 5-V Cathode, 248

LiNi1-yCoyO2 (NCO), 133–136

LiNi1�y�zCoyAlzO2 (NCA), 139

LiNi1�y�zMnyCozO2 (NMC), 140–144

LixNi1/3Mn1/3Co1/3O2, 143
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liquid carbonates, 443

safety concerns, 445–446
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Li0.33MnO2, 172
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Lithium batteries, 45

configurations, 59

economy of, 59–60

history of, 30
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molybdenum compounds, 391

oxide bronzes, 391–392

tin and lead, 345–346

Lithium ions intercalation, 82

Lithium-ion technology, 119

Lithium iron disulfide battery, 34–35

Lithium manganate (Li2MnO3), 144–146
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Porous silicon, 337–339

Positive temperature coefficient (PTC), 598
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Precipitation method, 466
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chemistry of, 33

high temperature lithium cells, 34–35

liquid cathode lithium batteries, 38–39

solid cathode lithium batteries, 39–45

with solid cathodes, 40

solid-state electrolyte lithium

batteries, 36–38

Pseudo two-phase system, 78

Pulsed-laser deposition (PLD) technique, 486

Pulse-laser deposition (PLD), 302
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Pyrolysis method, 468–469
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Ragone concept, 19–20

Raman spectra

of 2H-MoS2, 108, 109
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Rechargeable lithium batteries (RLB), 45

fluorophosphates, 272

schematic representation of, 45

types, 431
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fermi level evolution, 94–96

in InSe, 112–114
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TMDs electronic structure, 96–99
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lithium-sulfur batteries, 57–59

Self-discharge rate (SDR), 16

Self-propagating high-temperature synthesis

(SHS), 467
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SG-BR. See Sol-gel birnessite (SG-BR)
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Silver vanadium oxide cells, 43–44

Single wall carbon nanotubes (SWCNTs), 327
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Si thin films, 334–335
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control of, 444–445

lithium‐ion batteries, requirements, 442

properties of, 441
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Fe3O4, 384–385
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method

Spray-pyrolysis method, 469–470

State-of-charge (SoC), 16
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nano-electronics, 4–5
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Superimposed oxygen atoms, 124

Surface-modified carbons, 331–332
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Synthesis of olivine materials, 247

Synthesis technique, 128
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d-LCO, 137–138

Iron-based oxides, 150
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Li2MnO3, 144–146

LNMC, 147–148

LNO, 132–133

Mn-based oxides, 149
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NMO, 139–140
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Three-dimensional (3D) solids, 69
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Titanium disulfide (TiS2)
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lithium intercalation in, 100–104

Titanium oxide (TiO2), 346
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TMOs. See Transition-metal oxides (TMOs)

Topochemical process, 499

Traditional solid-state process, 130

Transition-metal chalcogenides (TMCs), 119
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(TMDs), 31, 93
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band structures for, 98

electronic structure, 96–99

polytypes of, 97

Transition-metal oxides (TMOs), 31, 71, 93
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528–532, 534

complex impedance technique
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decay function, 532
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Li-motion, 531
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LiVO2, 189

V6O13, 187
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evolution of, 5

plateaus, 74
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polyol process, 466–467
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WS2, lithium intercalation, 110–112
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X-ray powder diffractometry (XRD) patterns
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of LiCoO2, 132
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