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Preface

Following with tradition since 1989, this edition of the International Symposium
on Superalloy 718 and Derivatives continues the legacy of journal-quality, peer-
reviewed, technical papers published concurrently with oral presentations at the
in-person conference in Pittsburgh, Pennsylvania, USA. As the editorial team and
conference organizers, we are proud to continue to offer a forum where the most
relevant research, development, and application of superalloy materials of the family
including alloy 718 can be shared with the technical community and can be archived
for perpetuity in the form of this published electronic proceedings. The 2023 session
is the 10th symposium in the series, and this proceedings volume provides 50 new
papers representing themost recent advances of technical efforts in the field of super-
alloys adding to the more than 650 published papers in this overall series covering
over 30 years.

While our experiences as a community over the last several years have led to
strengthened electronic communication ties and channels, we look forward to this
symposium’s in-person gathering offering the opportunity to bring researchers and
users together in one forum to discuss technical learnings, define new relationships,
and renew and build peer networks. With the pace of progress in the technical field
moving more and more quickly, we have chosen to expand access to the latest work
by soliciting “late news abstracts” as part of the in-person conference. Although we
are not able to publish detailed papers tied to these added topics due to timing, we
expect that these poster presentations along with the core group of papers in these
proceedings will help to add to and promote more collaboration and spirited tech-
nical debate in the field on high temperature superalloy materials. As a celebration
of the long legacy created by our predecessors in the field, we also have added a
special historical look at the progress of technology in the field in this proceeding’s
introduction from the perspective of one of our Keynote speakers from ATI. A look
back through time helps us to appreciate where we’ve come from technically and
helps to plot the future trajectory of the technology.

This proceedings volume represents contributions from all corners of the world.
Author affiliations include participation from eight countries across three continents,
and the demographics further underline the breadth of the perspectives that have
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vi Preface

historically made up these proceedings with academia, laboratories, and compa-
nies representing 40%, 15%, and 45% of the papers, respectively. We would like
to thank our editorial and organizing committees for their investment in continuing
this symposium series and would like to extend a special thanks to all of the paper,
presentation, and poster authors for sharing their experiences and technical findings
with us and the community. Finally to our symposium attendees, we want to extend
our deepest gratitude for making the 718 Conference series a success for the tenth
time.

Eric A. Ott
Lead Editor

Joel Andersson
Organizer



Historical Introduction: Meeting the Challenges
of the Future by Understanding Our Past

Introduction

Understanding a material and its future performance in a potential application often
begins by studying its history. If known, a detailed review of the processing it has
undergone is most helpful, and if not available, an examination of its microstruc-
ture. While the correlation of structure, properties, and performance is not quite
as connected in the evolution of an industry, understanding the past often provides
significant insights to the potential of the future. It’s important to review this history
through a lens of understanding of what has been done, what was the outcome, and
most importantly, why was it done. The “why” is critical to understanding the past
limitations in the drive for continued advancement. This reflection brings an appre-
ciation of how far the superalloys’ history has come along with a humble realization
of how far there is yet to go.

ATI’s history is intertwined in the industrial advancement of superalloys to the
ubiquitous applications powerhouse they are today. ATI was formed by merging
Teledyne and Allegheny Ludlum in 1996. Teledyne owned two of the business units
still part of ATI: Specialty Alloys and Components, then Wah Chang, and Specialty
Materials, then Allvac. Teledyne also owned a slew of other companies, most of
which were spun-off or sold.

Allegheny Ludlum was created in a 1938 merger between Allegheny Steel and
LudlumSteel. Both companieswere pioneers in the steel industrywith vestiges going
back to the production of cannon balls for both the British and Continental Army in
the Revolutionary War. Allegheny Steel primarily made flat products, was the first
to use an electric arc furnace and supplied stainless steel for the Chrysler Building.
LudlumSteel produced steels primarily in bar, rod, andwire form and supplied for the
construction of the Empire State building. The merged Allegheny Ludlum company
initially focused primarily on specialty stainless steel products. However, they were
active in the growing aerospace industry and had engineers focused on developing
heat resistant alloys for jet engines, and methods to make them in production quan-
tities. They ventured into numerous other alloys, including titanium (a joint venture
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viii Historical Introduction: Meeting the Challenges of the Future by …

with National Lead), Uranium (to support the US government) and Nickel. In 1950
they produced the first large (10 ton) heat of an aluminium and titanium strength-
ened superalloy in Watervliet, NY. This was followed three years later with the first
production scale vacuum arc remelting. Allegheny Ludlum’s remaining facilities
operate under the name ATI Specialty Rolled Products.

Allvac was formed in 1957 as an “All-Vacuum” melting company by Jim Nesbit,
a former General Electric engineer who believed that vacuum melting was critical
to the continued advancement of nickel melting. The very first heat in tank 1 was
Waspaloy for Pratt and Whitney blade bar. From the very beginning, Allvac’s focus
was clearly on clean melting for the aerospace and defense markets. By 1962 they
had installed what was then the world’s largest vacuum induction melting (VIM)
tank at 12,000 lbs. capacity, a bet that the future of superalloys would require the
cleanliness vacuum melting delivered. Allvac was sold to Vasco in 1965. Vasco
Metals Corporation was acquired by Teledyne in 1966 and this unit now operates as
ATI Specialty Materials.

The fourth current business unit of ATI, Forged Products, was an acquisition of
the Ladish Company in 2010. Ladish began in 1905 when a supervisor for American
Malting Company, Herman Ladish, started looking around for someone to make
more reliable machine components. He partnered with John Obenberger, who ran
a local forge shop, purchased a steam powered hammer forge, and began making
axles and other forgings. While initially focused on small parts, by the 1930’s they
were making larger parts for industrial and farming applications as well as serving
the burgeoning aerospace industry. They were making parts for jet engines by the
mid-1940s.

Melting

The initial large melts of alloy 718 were air melted, including at Allegheny Ludlum.
With this process melting is done with Argon Oxygen Decarburization (AOD) and
may be followed by Electro Slag Remelting (ESR). The air melting process of the era
lacked the chemistry control to handle the higher levels of titanium and aluminium
additions. While there are much tighter controls in air melt today, the use is largely
restricted to applications outside of the aerospace and aeroderivative industries. The
introduction of vacuum melting provided both chemistry control and an increased
cleanliness in the ingot to drive improved mechanical properties. Initial Vacuum
Induction Melting (VIM) tanks did not have the ability to make additions during the
melt process, Fig. 1. Ingots were static cast without remelting. As a result, the chem-
istry was far less controllable overall, and the chemical segregation was substantial.
The shrink pipes were enormous (potentially dominating the length of the ingot),
Fig. 2.
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Fig. 1 Initial charging of a VIM tank in 1958

Fig. 2 Shrink pipe from a statically cast VIM electrode

Later VIM furnace designs included the ability to make chemistry additions.
During melting, Nickel alloys are best thought of as a soup versus a cake. It’s impor-
tant to “taste” via in-process dip sampling to test the chemistry and make the appro-
priate modifications. This allows the chemistry to be dialed in prior to casting the
liquid into a mold. Further improvements include using a hot topping procedure to
insulate the upper portion of the electrode and slow down solidification, resulting in
a smaller pipe cavity, thus a more solid electrode for further processing.

Remelting is critical whether via ESR, Vacuum Arc Remelting (VAR) or both. A
schematic of the remelting processes can be seen in Fig. 3. An ESR remelt offers
additional cleaning of the melt as the molten droplets go through a slag. During the
exposure to the slag impurities can be removed via reaction, floatation, or dissolution.
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Fig. 3 Schematic of electro slag and vacuum arc remelting processes

Table 1 Comparison of electro slag and vacuum arc remelting processes

Electro Slag Remelting Vacuum Arc Remelting

Removes sulfur Removes gases, nitrogen retention is difficult

Oxidizing process, results in loss of reactive
elements

Removes volatile elements, including Mn and
Cu at higher concentrations

Can greatly improve cleanliness Moderate improvement in cleanliness

Deeper melt pool due to slag skin Shallower melt pool due to Helium cooling, if
used

Less sensitive to white spot formation More sensitive to white spot formation

More sensitive to freckle formation Less sensitive to freckle formation

Higher melt rate Lower melt rate

However, ESR has a slower solidification rate resulting from the slag insulating the
molten pool, which can increase the propensity for some deleterious segregation.
The VAR process, being under a vacuum, is considered best for removing gases and
other volatile elements and has a faster solidification rate than ESR. A comparison
of the advantages of both remelting options can be seen in Table 1.

Regardless of themelting process, the ability to control the process parameters has
improved enormously. Remelting process control began as straight voltage control,
with a crude aim point, to deliver constant current throughout the melt while manu-
ally adjusting the electrode height above the molten pool. Today’s remelt furnaces
typically run by controlling drip shorts, that is controlling the voltage and ingot gap
and/or melt rate control which adjusts the voltage based on the weight of the hanging
electrode. These control schemes allow engineers to reduce process variability by



Historical Introduction: Meeting the Challenges of the Future by … xi

Fig. 4 Left to right: first VIM ingots, first VAR ingot, large 718 ingots for power generation

maximizing the time with consistent equilibrium solidification conditions. Further-
more, these controls have allowed the diameter of the ingots produced to increase
substantially, making for a more cost-effective manufacturing process. Initially VIM
ingots were small, 9” diameter, 42” long while VAR ingots grew to roughly 12”
in diameter. Today 718 ingots can be made up to 36” inches diameter for power
generation applications, Fig. 4. Melt anomalies nearly always relate back to an area
of non-equilibrium solidification. As the ingot diameter grows, the requirements
for stronger process control increase significantly, both for maintaining chemical
homogeneity during the melt and in ensuring the integrity of the solidified ingot for
downstream processing.

By the 1960s, in addition to the cast-wrought alloys and processes being devel-
oped there were also advances in powder-based superalloys. Initially driven by Pratt
and Whitney, powder-based alloys have the advantage of less segregation due to
high solidification rates achieved in small droplets that form the powder. While more
costly, these alloys can include more complicated chemistries and thermomechan-
ical processing paths. They also extend the temperature range for superalloys in jet
engines, which have gotten progressively hotter during operation.

The criticality of controlling the melt process cannot be overstated. All future
processing relies on the material behaving consistently in process and in application,
and industry has been humbled when any defect has made it to an in-service product,
including events with the tragic loss of human life.

Thermomechanical Processing

Much of the initial thermomechanical processing was developed to obtain a certain
geometry for later stage processing. Themills available were limited in size, tonnage,
and ability to reheat material so there was little ability to optimize the process. ATI
had a simple reversing mill to convert ingots down to the standard rectangles and
round-cornered squares required for forgings. There was no intermediate cutting, and
a simple barrel furnace would warm the surface between passes. Once the material
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Fig. 5 Left to right: initial blooming mill, early press, and radial forges installed at Allvac

went into the mill, it was committed. Furthermore, the mills weren’t designed for the
tonnages required for superalloy processing. As an example, all the rolls broke on one
of the first mills Allvac acquired for blooming. The process was full of variability—
and the engineers claim they could identify the mill operator by looking at the billet
structure. All the operators were compliant with the process instructions, but it was
clear there was significant impact from uncontrolled nuances within the processes.
This drove an intense focus on process control and understanding, still a focus at
ATI today. By the 1960s engineers were tracking every step in the process by hand,
mining for differences—a time consuming and manual predecessor to today’s drive
to fully digitize. What they found drove tighter controls and tolerances on reduction
sequences, transfer times and temperatures in all areas. By the 1970s, as the material
got tougher with the introduction of new alloys and melt technology that allowed for
production of larger ingots, mills with higher tonnage became necessary to process
superalloys into useful forms. The company began using a press and radial forge as
the forging industry was forced to shift to accepting round vs round-cornered square
billet. Photos of the initial blooming mill, press forge and radial forge are shown in
Fig. 5.

The shift to round billet was more than a geometry change. The use of new
equipment required new recipes and a renewed focus on process variability to obtain
the refined, homogenous structures needed for use.

Powder alloys were initially converted into parts from the as hot isostatically
pressed (HIP) condition. This proved to be unsatisfactory for the fatigue strength
needed for many part applications. As a result, a change was made for as-HIP’d cans
to undergo billet conversion such as extrusion or press forging prior to the closed die
part forging.

For making parts, Ladish had been forging Astrolloy and Waspaloy since the
1930s, primarily with conventional presses, hammers, and ring rolling equipment.
As more complex and powder-based superalloys were developed, controlling the
microstructure was the goal. Parts were made by a combination of isothermal forging
(where the die and billet are at the same temperature), hot die forging (where the die
is heated but not quite as hot as the material) and conventionally forging (colder die)
to get the necessary ultrasonic transparency. At the same time parts were growing
substantially.While initially billetswere 4 inches in diameter, newer engines required
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6- and 10-inch billets. With a billet that large, or larger, the chemical homogeneity
and fine microstructure play a significant role. The structure is critical to obtain
something that is inspectable. In the 80s the typical ultrasonic requirement was a
#5 (5/64”) flat bottomed hole. Today powder billets are inspected to ~10% of a #1
(1/64”) flat bottomed hole. ATI’s vertically integrated structure offers advantages for
material inspectability as the process history from melt or powder to billet, and to
part is readily shared. This has resulted in significant leveraging of learnings across
the full ATI value chain.

In addition to parts getting larger, the forged discs got more complicated. The
industry moved from a “there’s a part in there somewhere” approach to one that
cared deeply about material yield and the control of the condition and shape of the
part for forging, heat treatment and ultrasonic inspection. Near-net shape forging
with minimal material waste and consistent processes became the key focus. This
requires expert die design and know-how. Initially there were no computers to help
with forging design. Engineers used wood and plasticine models to watch die fill
and lap formation. With the growth of computing resources, engineers could focus
on temperature rise, strain, tonnage, last areas to fill as well as lapping and folding,
but this did not provide a fast solution. A model could run for days for a single
axisymmetric disc evaluation. Today’s models and advanced computer resources are
much faster.

As the aeroengine industry has largely moved their design focus frommicrostruc-
tural control to designs which minimize the defect flaw size the superalloy forgings
used in discs are primarily hot die or isothermally forged. Some, but far fewer, are still
conventionally forged 718 parts. Just as a forging billet requires homogeneity and fine
structure, the requirements for final part structures have become more specific. The
industry has improved its ability to design and control the forging and heat-treating
process. Designs moved to be more damage tolerant by requiring a coarser grain
size to improve crack propagation. This requires heat treating above the solvus and a
tight control over cooling. The SuperCooler shown in Fig. 6 was designed in the late
90s to meet this need. The device allows for tailored grain sizes and reduces residual
stress in a given location. The equipment controls the cooling rate over a broader
range than liquid quenching or ducted air nozzles. This precise, computer-controlled
cooling profile results in improved mechanical properties, reduced residual stresses
and higher yield since the as-forged shape requires less additional machining.
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Fig. 6 Schematic of the supercooler

Computational Process Simulation and Modeling

Modeling has been used since the early stages of metallurgical working and the
growth of computing power and characterization tools has only strengthened its
role. Physics-based models can be more accurate, but they are time consuming,
expensive, and challenging to produce. Advances in machine learning have allowed
for complementary empirical models that may accelerate physics-based models by
narrowing their focus to targeted areas. The expanding development and use of new
characterization tools such as electron backscattered diffraction (EBSD) help reveal
the impact of processing far beyond an average grain size. Tool advances help drive
understanding as the debits in properties are usually related back to a local anomaly,
a larger grain, area of segregation, etc. The ability to see and measure these rarities
drives the ability to reduce, and ultimately eliminate them.

Compositional modeling has grown with the ability to leverage combinatorial
methods to predict properties. High-throughput automated methods allow for rapid
screening to confirmresults. Thesemethodswere initially usedprimarily for chemical
composition to strengthen Calculation in Phase Diagrams (CALPHAD) thermody-
namics databases. Today there are automated methods to look at microstructures,
suggest process conditions and test mechanical properties of materials. Much of this
remains in research laboratories, but industry has implemented automated testing and
analysis (mechanical, or microstructural) of materials. ATI uses Monte Carlo simu-
lations to understand process sensitivity around chemical composition, for example.
This allows an understanding of how tight the processing window needs to be and
what is controllable to meet the specification requirements.
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Fig. 7 Left to right: simulation and physical trial of a VIM melt and simulation of a VAR melt

The job of themelter is to be clean andmaximize throughput by going fast in large
diameters. However, advanced alloys push melting processes slower and in smaller
diameters to maintain cleanliness and chemical homogeneity. Two dimensional, and
some three-dimensional models exist. Fig. 7, left, shows the modeling results and
physical trial side by side to predict the shrink pipe of a VIM electrode. On the right
side, Fig. 7 shows the temperature and melt pool shape of a VAR ingot.

The models can get quite sophisticated balancing the complicated dynamics in a
melting process and can be used to develop melt profiles or aid in a defect investiga-
tion. There continues to be room for advancement in melt modeling. It is known that
equilibrium solidification is key to a clean melt but there remain portions of the melt
process and melt pool that are invisible today. The ability to link a process controller
directly to the melt pool would be powerful.

Process modeling is routinely used to evaluate the conversion of ingots to fine
uniform grain-sized billet. The thermomechanical history as well as grain size evolu-
tion can be predicted by this means. Figure 8 shows an example of temperature moni-
toring during open-die modeling. Billet conversion modeling requires the stringing
together of a long sequence of heating and deformation simulation steps. While
software tools exist that have made this up-front process definition simple, there
continues to be room for improvement. This includes a realistic definition of the
sequence of operations (for example matching elapsed times and die speeds), as well
as limitations on the size of finite element mesh that will yield reasonable run times.

At ATI every new part forging is modeled. Whether at a high level to quote an
opportunity or for a detailed process design to target specific properties in the final
product. Advances in computer time now allow dozens, or even hundreds of models
to be completed prior to a single push. This saves time and money. Furthermore,
the use of automated recipe-based production systems ensure that the engineer’s
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Fig. 8 Open die modeling of ingot conversion processes: upsetting, cogging, and radial forging

Fig. 9 Impact of temperature non-uniformity in a forged part

intended process is what the part sees, reducing variability. Our goal at ATI is to
get to the point where we can accurately model everything we do. When combined
with doing everything in a consistently repeatable way at production scale it has the
potential to allow the creation of the ultimate digital twin containing all the process
information from the first melt to the final machine operations. Figure 9 shows the
impact of temperature non-uniformity in a forging process.

Advances in modeling have also shown the benefit of concurrent engineering.
Bringing together the system designer and the part fabricator allows for an efficient
process to produce a manufacturable part in the most cost-efficient manner. Rather
than designing in silos, working together can allow for part reduction, modest adjust-
ments for a big benefit to both parties and a better understanding of intent and need.
Materials suppliers, including ATI, often work closely with jet engine manufacturers
years before their new engines are introduced to ensuremanufacturability of the parts
and components.

Additive manufacturing continues to bring growth in alloy 718 and its derivatives.
Opening the doors to integrate and model new shapes and designs that were not
possible before, along with a whole new process to understand. The potential to
reduce weight and handle, or change, loading conditions not just on one part but
potentially on an entire system is huge. Industrial uses of new processes require
a pay-off, but we are seeing clearly today that may come less from cheaper parts,
although possible, and more from better performance at the part or system level.
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Fig. 10 Finite element modeling compared with physical trial results

Fig. 11 Microstructures taken from a subscale powder billet (left) processed on pilot scale
equipment designed to simulate full size billets processes on production equipment (right)

Finally, this paper would be incomplete without stressing the importance of phys-
ical experiments performed at the pilot scale. While modeling is fast, it requires
physical validation. ATI’s experience shows that the proper design of pilot scale
experiments can rapidly, and cost effectively, advance materials to production sizes
and specification requirements. Finite element modeling can accurately predict the
shape, thermal profile, adiabatic heating, and strain. However, these models are not
yet able to fully capture the probability of cracking related to differences in reduction
and die dwell as shown in Fig. 10.

Pilot scale trials aremost valuable when they can both combinewithmodeling and
represent an accurate simulation of the production process. Microstructural results
are shown in Fig. 11 comparing the results of a subscale powder billet processed on
ATI’s pilot scale equipment compared to the results obtained from a full-size billet
on ATI’s production equipment. The microstructures showed a difference of only
0.5 ASTM grain size (12.5 at subscale versus 13 at full scale). The value of a strong
pilot scale process laboratory cannot be overstated.
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Conclusions

A rigorous focus on consistent, repeatable processing at scale is important toATI, and
other materials suppliers. Knowledge and understanding of materials processing is
compiled into models and pilot scale work to advance even the most challenging
derivatives. The improvements seen in the sixty-plus years of alloy 718 and its
derivatives are directly tied to improvements in process control and understanding.
It is worthwhile to revisit the history of these developments periodically to remove
artificial constraints. Advances in understanding, inspectability, measurability, and
controllability allow a deeper understanding and highlight more aspects to evaluate.

Melissa Martinez
ATI

Dallas, TX, USA
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Melting, Forging, and Wrought Processes



The Formation of Downward Freckles
in Nb-Containing Superalloy Remelt
Ingots

A. Mitchell and S. Hans

Abstract A revisedmechanism for the formation of downward freckles is proposed.
The mechanism accounts for the observations of freckle formation in industrial
ingot production. In particular, the association of freckling with process instability is
emphasized and is part of the proposed mechanism. Additionally, we suggest that the
shrinkage which takes place as the final eutectic solidifies can explain the formation
of freckling when the basic gravitational force produced by negative buoyancy in the
solidifying liquid appears to be insufficient for the initiation of interdendritic fluid
flow. We conclude that the key factor in preventing freckle formation in industrial
ingot remelting is the maintenance of process stability.

Keywords Freckle · Superalloy · Remelting

Introduction

The segregation feature known as “freckle” is unfortunately familiar to producers of
superalloy ingots and has been frequently reported in publications [1–4]. Although
the industry has been able to develop melting parameters which produce alloy ingots
of most superalloys not containing freckle, the very occasional occurrence of the
defect is of concern. In Nb-containing superalloys, the freckle takes a form different
from that found in many other superalloys. The freckle appears to have originated
from liquid flow downwards in the structure as opposed to the more general case of
upward flow. This difference lies in the segregation mechanism which produces a
remaining liquid on solidification which is denser than the bulk liquid rather than less
so as in the other superalloy classes. This feature is due principally to the segregation
tendency of niobiumandmolybdenumaswell as the inverse segregation of chromium
and iron [5]. The downward freckle mechanism has been studied and the presently
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Fig. 1 Proposed downward freckle formation mechanism [6]

accepted model is that proposed by Brooks [6], as shown in Fig. 1. The heavy liquid
is assumed to flow downwards in the columnar-dendritic structure at an angle that
is slightly more horizontal than the ingot isotherms. In doing so, the liquid enters a
higher temperature region and is able to dissolve secondary dendrites and increase
the local permeability. The process terminates as the ingot progressively freezes. The
model has been studied using CFD approaches [7] from which it has been proposed
that the process can be represented by the dimensionless Rayleigh Number (Ra).
Following Valdes [8], freckling in the Nb-containing superalloys is predicted for
a range of Ra values (0.4–0.8) depending on the individual alloy content, which
concept has been used to design melting parameters for both ESR and VAR. There
are two notable features of the reports of Ra computations. First, it appears that there
is no unique universal value of Ra at which freckles should form. Second, it appears
that the Ra values found for freckle formation are alloy dependent but it is unlikely
that the alloy dependence arises solely from uncertainties in the alloy properties.

The Freckle Process Model

The existingmodels for computing theRavalues relevant to freckle formation contain
the assumption derived from the Blake-Korzey equation [9] that the permeability
coefficient (k) governing the freckle flow is approximately 10−10m2 given the general
conditions of solidification rate (in the region of 0.1 K/s) in the freckle-prone regions
of a remelt ingot. However, experimental and theoretical studies [9, 10] on the perme-
ability of a columnar-dendritic network similar to that found in the mid-radius region



The Formation of Downward Freckles in Nb-Containing Superalloy … 5

of a remelt ingot have shown that the permeability coefficient in the “normal direc-
tion” (across the primary growth direction) is 10−12m2 at a fraction solid (Fs) corre-
sponding to the composition of the computed maximum remaining liquid density in
these alloys (Fs approximately 0.6–0.7) [1]. Reports have suggested that the average
freckle composition in IN718 is 9.3%Nb [5], 9.5%Nb [11], and 11.5%Nb [12]. It
is to be noted that the “average” composition of the freckle is difficult to determine
by a scanning EDAX analysis of the area due to the inhomogeneous nature of the
freckle. However, careful adjustment of successive analysis windows [13] indicates a
value of between 12.5 and 13%Nb for the lower part of the freckle which is assumed
to represent the liquid initially flowing before substantial dilution by dendrite solu-
tion has taken place. The lower Nb content values reported represent the average
content of the area covered by the disturbed structure between the points at which
the regular dendritic structure can be observed. The value of 11–13%Nb corresponds
to the liquid composition at a fraction solid of 0.6–0.7% in IN718 [14]. This latter
value has a permeability coefficient which then is too small to permit significant flow
under the calculated gravity-driven negative buoyancy. In consequence, it is clear
that a freckle can form once flow starts and dissolves a small section of the dendrite
network, but in a regular dendrite array such as the ones typically found in remelt
ingots, it is unlikely for substantial flow to spontaneously start under the negative
buoyancy force in the solidification structure present at 0.6 < Fs < 0.7.

The negative buoyancy arising from the gravitational effect of the density gradient
in the interdendritic liquid varies considerably from alloy to alloy. Figure 2 illustrates
computed values for the liquid density in several Nb-containing alloys. It can be seen
that the largest values are those for IN718, which (as found in practice) is hence very
freckle-sensitive. IN625 is less so, but IN706 presents almost zero density change
during solidification and should not freckle. However, IN706 has been found to
produce freckled ingots (Fig. 3) [15] in both ESR and VAR ingots when melted
under conditions which were not substantially different from normal freckle-free
production values.

It is observed in practice that ingots produced from ESR furnaces are more likely
to contain freckles than those from VAR. The generally accepted reason is that the
thermal balance differs between the processes and hence the interdendritic spacings at
any given point in the ingot are smaller in VAR than in ESR. However, computations
of the thermal gradients in typical ingots of the two processes, when carried out at the
same melting rate and same ingot diameter, do not show a very substantial difference
in dendritic structure [16, 17]. Both processes should exhibit the same tendency of
freckle formation since the permeability of the dendrite network is similar.

Observations of freckling in industrial ingots show two features that must also
be explained by the model. First, freckling exhibits a degree of randomness with
occasional ingots showing a small number of freckles distributed at various points
in the ingot’s vertical growth. Second, the freckle trail is often seen to follow the
isothermpattern rather than being consistently at a lesser angle to the growth direction
as required by the model.
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Fig. 2 Density variations in Nb-containing superalloys [12]

Fig. 3 IN706 freckles in a
part forged from a 900 mm
diameter ESR ingot
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It appears from the above critique of the existing model for downward freckle
formation that the initial proposal for simple downward gravity-driven flow does not
fully explain the observed experimental facts of the feature’s occurrence.

A Proposed Revised Model for the Freckling Process

The example of IN706 (Fig. 3) suggests that a force in addition to that produced by
the negative buoyancy is necessary to explain the flow producing the freckles. It is
probable that this additional force arises in the shrinkage taking place as the final
eutectic liquid freezes. There are many reports of micro-porosity in these alloys [18],
produced by eutectic shrinkage. One report links the shrinkage to freckle formation
[19] in single crystal castings although not in aNb-containing superalloy. All of these
latter alloys form a final eutectic, including IN706, and this additional force would
apply to all alloys of this class. Given the extent of eutectic formation, the magnitude
of the force would fall in the sequence IN718 > IN626 > IN706, but is evidently still
large enough to provoke freckling in the case of the smallest buoyancy force. The
existence of this additional force could explain the possibility of freckle-forming flow
when the permeability coefficient of the dendrite network is smaller than that initially
assumed from the Blake-Korzeny equation [9]. It is also interesting to speculate that
this force could also account for the difference in freckling tendency between ESR
andVAR. Assuming that the shrinkage does not contain gas, the resulting hydrostatic
force on the segregating liquid in VAR would be the pressure exerted by the liquid
head, including the liquid metal pool. In ESR, the same force would be the pressure
exerted not only by the metal liquid head in the ingot but also by the weight of
the slag and the pressure of the atmosphere above the slag. An estimation of the
effect suggests that the difference between the two cases would almost double the
downward force in ESR as opposed to VAR. The cumulative effect would be that
segregating liquid in VAR experiences a substantially lower gravitational pressure
than that in ESR, hence accounting for the difference in freckling tendency.

The use of the Ra value in predicting freckle tendency is also sensitive to the
above issues. Modeling studies of remelting conditions permit the calculation of Ra
distribution in the ingot and can hence be used to identify potential freckle formation
on that basis. However, from the industrial results, it is clear that ingots can be made
under conditions not nominally subject to freckling (using the Valdes criteria) but
which produce freckles as development experience with 500 mm ESR and VAR
ingots of IN718 has demonstrated in practice. Ingots can also be made which should
produce freckles but which are freckle-free. An example of the latter is shown in
Fig. 4 for IN706 [17, 20] indicating from the Ra values [8] that there is no region
subject to freckling (using as input parameters the melting conditions generally used
to produce the alloy) although freckling has been observed in practice ([15], Fig. 3).
It appears that the use of the Ra signature has a general application but cannot be used
as a unique predictor of freckling possibility in remelt ingots. Equally, although alloy
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Fig. 4 Computed thermal conditions in IN706 880 mm diameter ESR at 480 kg/h melt-rate

composition modification may assist in reducing freckle tendency (as computed by
the Ra technique), it cannot alone be used as the countermeasure.

Although the above proposals could account for the forces necessary for freckling,
the question of initiation remains together with the requirement to account for the
occasional random occurrence of freckle in practice and its association with process
instability. It has been shown through experiment andmodeling that direct transfer of
pool disturbance into the interdendritic liquid deep in the structure is not possible [21]
which leads to the need for an alternate explanation of the freckle-instability linkage.
The necessary local random increase in permeability required for initiation when
the regular general permeability is represented by a permeability coefficient value
of 10−12m2 is most probably created by imperfections in the dendrite network. The
dendrite structure in an industrial ingot is seldom the regular array which is portrayed
in, for example, CAFEmodels of solidification. Ingotsmay display random incidence
of small equiax grains (Fig. 5), irregular primary growth direction (Fig. 6), and
intersecting primary dendrites (Fig. 7). Reports of studies of real-time solidification
using synchrotron X-radiation [22] illustrate that breakage of the primary dendrite
tips seen in Fig. 8 can result in the type of structural irregularities shown in Fig. 5.
(The effect shown in Figs. 5 and 8 is a formation mechanism for the columnar/equiax
transition (CET) in the ingot structure [18]). Combinations of these effects have
been identified as the cause of freckling in superalloy single crystal castings [23].
It has been noted that it is essential to use melting parameters that do not cause the



The Formation of Downward Freckles in Nb-Containing Superalloy … 9

liquidus isotherm to enter into the thermal region which has been experimentally
identified to provoke the CET in remelted ingots since it brings unacceptable general
segregation. However, the present indication is that it is also hazardous to approach
this condition on account of potential freckle formation. The consequence of these
irregularities is a local increase in the permeability providing a potential opportunity
for freckle initiation. The irregularities do not necessarily all lead to freckles but can
also produce small “patches” of segregation from collecting liquid which does not
expand to establish the flow forming a freckle, but solidifies to produce larger-than-
normal primary precipitates. In the case of the IN718, the precipitates are primary
carbonitrides, but the local solute concentration is not sufficiently high in Nb content
that it produces Laves phase after heat treatment. Such randomly distributed patches
of large primary precipitates are frequently also found in tool and bearing steels
(which can form downward freckles) where the larger primary carbide clusters are
detrimental to properties. It is possible that the structure irregularities are also the
initiation factor in starting the flow required for the upward freckle feature in alloys
experiencing the positive buoyancy force produced by light element segregation.
For example, in single crystal castings, freckles readily form at the casting surface
and at sharp changes in the casting section, both likely to have formed the required
irregularities at those points and so increasing the local permeability.

Fig. 5 ESR ingot section 450 mm diameter, IN718
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Fig. 6 Irregular primary dendrite growth directions, ESR ingot section 450 mm diameter

Fig. 7 Intersecting dendrites leading to residual porosity ESR ingot section, 450 mm diameter

Practical Implications

Although the industry has, over the years, developed melting procedures which can
be relied upon to produce ingots which very seldom contain freckles, the consequent
restriction of ingot sizes and melting rates carries a significant economic cost. As a
result, there is pressure to push the process parameters to the maximum acceptable
limits with the accompanying hazards of segregation and freckle that occasionally
threaten quality. The effects and mechanisms described above contain one crucial
factor in relation to thismaximization. In addition to the generic ones of alloy compo-
sition and process geometry as used in the Ra prediction methods, we must also
account for the danger of making a dendritic structure that contains irregularities
leading to the defects described. The irregularities are the direct product of process
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Fig. 8 Real-time X-ray transmission micrographs showing the dendrite tip-breaking mechanism
in an Al + Cu alloy [22]

instability. Examples of instability may be found as arc control deficiencies and
erratic helium injection in VAR; uncontrolled mold current and immersion depth
in ESR; electrode quality in both processes. The corollary is that for a freckle-free
ingot we must have full control of the process to produce the maximum regularity of
columnar-dendritic growth even when working within a nominally freckle-free set
of process parameters.

Definition, measurement, and quantification of control stability are all signifi-
cant challenges. Even greater is the corresponding requirement that process stability
be monitored in such a way that a forensic quality audit can identify any potential
deviations from the required values, so making it possible to confirm that a formal
process specification agreement with the end-user has been fulfilled. It appears from
the above discussion that although the Ra computational technique can give a general
indication of freckle tendency, the degree of process stability can override its indi-
cations. Instability is responsible for the rare but finite incidence of the defect in an
otherwise correctly designed process. Since the freckle defect is difficult to identify
in many alloys by conventional NDT routines (and in some cases even by macro-
etching), it is essential that the melting operation be carried out under conditions
where process stability is maintained and can be verified.
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Conclusions

1. Freckle initiation is the result of process instability; freckle tendency is the result
of alloy composition.

2. Once initiated, the freckle behaviour can be described by the Ra number
computation but must be modified by the existence of eutectic solidification
shrinkage.

3. Alloymodification to prevent frecklingmust take into account eutectic formation.
4. The key to freckle-free operation in practice lies primarily in stable process

operation.
5. Attention must be addressed to the question of stable process control and its

measurement.
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Manufacturing Large Superalloy Pipe
Bends

J. J. de Barbadillo and B. A. Baker

Abstract The U.S. Department of Energy, through its Offices of Fossil Energy and
Energy Efficiency and Renewable Energy, has funded programs to develop mate-
rials technology for high-efficiency energy systems that utilize supercritical steam
or carbon dioxide as working fluids. These plants would operate in the 700–800 °C
temperature range and require the use of nickel-base alloys to meet design creep-
rupture life requirements for welded structures. Specific components include large-
diameter pipes, induction bends, and forged fittings. INCONEL® alloy 740H® (UNS
N07740) is aγ′-strengthened nickel-base superalloy thatwas developed for this appli-
cation and down-selected for a manufacturing demonstration program designated
AUSC ComTest. Work was recently completed on the Phase 2 program under DOE
contract DE-FE0025064 that had the goal of demonstrating the ability of US indus-
trial supply chain to manufacture full-scale components. In another DOE contract,
DE-EE0008367, that concluded in the Fall of 2022, the production of large-diameter
longitudinally seam-welded pipe was demonstrated. Alloy 740H contains 16–20%
γ′ and is sensitive to thermal stress cracking and auto-aging with implications for
each stage of the manufacturing operation. Previous publications have described the
production of ingot, pipe, and welded pipe made for these demonstration projects.
This paper describes induction bending and subsequent heat treatment of these pipes.
The results demonstrate the capability of USmanufacturers tomake these bends with
satisfactory dimensional control and properties. The investigation and mitigation of
process cracking encountered in this work will be discussed. The test articles are
now stored at Oak Ridge National Laboratory awaiting future programs for more
detailed material characterization.

Keywords Extruded pipe · Induction bending · Mechanical properties · Strain-age
cracking
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Introduction

Projects to develop and demonstrate high-efficiency advanced energy systems that
could operate continuously at 700 °C and above have been underway in the United
States and many other countries for more than 20 years. The primary goal of these
projects has been to reduce the quantity of carbon dioxide generated per unit of deliv-
ered electric power. One project is the US Department of Energy/Industry collab-
orative project known as the Advanced Ultra-Supercritical (AUSC) Steam Boiler
initiative. This project was administered by the National Energy Technology Lab
(NETL) with significant technical input from the Electric Power Research Institute
(EPRI) and Oak Ridge National Lab (ORNL). The goal of this project was to develop
technology to enable the development of a coal-firedRankine cycle steampower plant
that would operate at 760 °C. The initial phase of the project included an analysis and
definition of material requirements for critical components of the boiler and steam
turbine, a broad survey of properties of candidate materials, and a down select of
materials for more extensive characterization. Alloy 740H was selected for further
evaluation for boiler tubing and steam transfer piping [1]. The second phase of the
project was to produce full-scale components including pipes and bends, wye and
turbine rotor forgings, a nozzle carrier casting, and fabricated prototype structures
and valves. This work has been completed and recently reported [2].

In another project, the DOE Solar Energy Technology Office has developed
process designs andmaterials capability forGeneration 3Concentrating Solar Power.
This concept is similar to the current solar power tower plants that are operating in
several countries; but works at a higher temperature and utilizes supercritical CO2

as the working fluid to drive the turbine/generator power unit. In an effort to reduce
manufacturing costs for alloy 740H pipe, this project supported the demonstration
of the capability to make seam-welded pipe [3]. This product is made from a plate
that is rolled into a tube shape and then continuously welded and subsequently heat
treated. The improved product yield translates to a 30–40% reduction in delivered
pipe cost. In common with steam power plant piping, the design of a solar thermal
plant requires return bends and elbows that are most economically made by induc-
tion bending. The purpose of the present paper is to describe the results of these
experimental bends.

Alloy 740H is a γ′ strengthened nickel-base alloy that was developed specifically
for use as a tube and pipe in the 700–800 °C temperature range [4]. Characterization
of the alloy by NETL, ORNL, and various consortium members supported a data
package that resulted in the first ASME Boiler & Pressure Vessel Code Case for
an age-hardened nickel-base alloy for use in welded construction for service in the
time-dependent property temperature range [5].Many technical papers describing the
microstructure and properties of the alloy have been published and summarized in a
review ofAUSC technology byDiGianfrancesco [6].While this alloy has a relatively
low volume fraction of γ′ (16–20%), it auto-ages readily and is subject to strain-age
cracking under certain conditions. This behavior complicates the manufacturing of
large-diameter thin and heavy wall components. Previous work had shown that alloy
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740H pipes with OD of up to 254mm could be successfully bent and heat treated [7];
however, it was anticipated that larger diameter pipes would be much more difficult.
Nomura, et al. reported that they successfully induction bent 510 mm OD nickel-
base alloy HR6W pipe; however, that alloy has a much more sluggish age-hardening
mechanism than alloy 740H [8]. To the authors’ knowledge, induction bending of
seam-welded age-hardened nickel alloy pipes had never been previously reported.

Due to the very high forces required to bend large heavy-wall pipes, an induction
heated bending process is generally applied. Shaw Clearfield, LLC in Clearfield,
Utah (formerly McDermott/CB&I) was engaged for this project. Shaw had prior
experience in bending alloy 740H pipes up to 168 mm OD for previous demonstra-
tion projects [7]. Induction bending is a type of incremental metal forming process
where deformation forces are minimized by confining the strain to a narrow band
created by heatingwith an external circumferential induction coil. In the heated zone,
the temperature is controlled within a range where the material strength is greatly
reduced. In the case of alloy 740H, the required forming temperature range is 1037–
1148 °C. A bird’s eye drawing of a typical induction bending machine operating in
tension mode is shown in Fig. 1. The front end of the pipe is gripped by a hydraulic
clamp mounted on a track that describes the radius of the bend to be formed. The
back end of the pipe is pushed through a series of guide rollers and the induction
coil as illustrated in the drawing. A water-cooling ring is often mounted behind the
induction coil; however, for this work water was not used due to cracking concerns.
As can be seen in Fig. 2, the actual hot zone is quite short, with the bending occurring
within an approximately 50 mm wide zone. One consequence of tension bending is
thinning of the pipe wall at the extrados and thickening at the intrados. The degree of
thinning varies with the OD/W ratio; but is on the order of 10–15% for large pipes.
This wall thickness reduction must be taken into consideration for the piping design.
The wall thinning can be reduced or eliminated by bending in compression mode;
however, this is a very complex machine design that is not available in the US for
large pipes.

Manufacturing Process

Seamless Pipes

The seamless precursor pipes were made from 914 mm diameter VIM/VAR ingots
HT9039JYandHT9067JYwith the composition shown inTable 1.Details ofmelting,
homogenization, and conditioning of the ingots were reported previously [2, 10]. The
nominally 11,340 kg ingots were cut in half and extruded to produce four pipes of two
different dimensions at Wyman-Gordon in Houston, TX. The extrusion details have
been previously reported [2, 11]. The ingot bottom piece of heat HT9067JYwas used
to make a nominal 560 mm OD × 100 mm W “header” pipe for the bending trials.
This pipe was 3.16 m long and weighed 3658 kg. The ingot bottom piece of Heat



18 J. J. de Barbadillo and B. A. Baker

Fig. 1 Schematic of induction bending machine fromA.K. Dev, Introduction to Induction Bending
[9]

Fig. 2 Two views of induction bending alloy 740H pipe at Shaw Clearfield, LLC. The discolored
surface distinguishes the section of pipe that has already been bent

HT9039JYwas used to make a nominal 710 mmOD× 38mmW“reheater” pipe for
bending. This pipe was 5.09 m long and weighed 3835 kg. These pipe dimensions
were selected as they posed different challenges for the extrusion process and, as
will be discussed later, different challenges for bending. Both pipes were solution
annealed at the mill prior to being released for bending. Non-destructive pipe testing
included dimensional verification, hydro pressure testing, and full ultrasonic testing
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Table 1 Composition of alloy 740H heats. Sample from head, mid-radius

Heat
number

C Mn Fe Si S Ni Co Cr Mo Al Ti Nb

HT9039JY 0.03 0.2 0.6 0.14 0.0006 49.3 20.1 24.5 0.48 1.49 1.42 1.5

HT9067JY 0.03 0.3 0.4 0.15 0.0003 49.4 20.1 24.6 0.48 1.49 1.42 1.5

HT6309JK 0.03 0.3 0.2 0.15 0.0005 49.7 20.0 24.6 0.49 1.40 1.48 1.5

UNS
N07740

Max 0.08 1.0 3.0 1.0 0.03 Bal 22.0 25.5 2.0 2.0 2.5 2.5

Min 0.005 15.0 23.5 0.2 0.5 0.5

Fig. 3 Pipes prior to bending. Header pipe on left, reheater pipe on right

to ASTM E213 with a 5% of wall ID/OD reference notches. Photographs of the
conditioned pipes are shown in Fig. 3.

Welded Pipe

The seam-welded pipe was made from 19 mm thick plate rolled from VIM/ESR slab
ingot HT6309JK. The composition of this heat is shown in Table 1. The plate was
formed and welded at Swepco Tube, LLC in Clifton, NJ into a 356 mm OD × 6.1 m
long pipe. The pipe wall is slightly thickened in the forming process. The pipe was
welded in ten passes using a GTAW process. The details of pipe fabrication have
been previously reported [3]. After welding the entire pipe was solution annealed
and cut in half. One half weighing 420 kg was used for bending while the other half
was aged and used for mechanical property testing. Non-destructive testing included
100% radiography of the weld and ultrasonic testing using a 10% wall thickness
notch. Figure 4 shows the pipe on the welding stand.
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Fig. 4 Welded pipe on the welding stand at Swepco Tube

Bending

Shaw Clearfield was tasked with making 90° bends with a 3D radius on each of the
three pipes and then solution annealing and aging them.While the pipeswere initially
in the solution annealed condition, itwas known that substantial auto-agingwas likely
to have occurred. These bends were expected to be difficult since microstructure
changes were expected to occur sequentially as the bending process progressed.
Potential issues included insufficient force to bend, cracking due to low temperature
at the ID, strain-age cracking on reheating for the solution anneal, and distortion and
buckling. In addition, there was the possibility of intergranular cavitation at the bend
extrados due to the slow tensile deformation process. If present, cavitation would
degrade the material properties.

Shaw used their internal bending procedure that is compliant with ASME B&PV
Code 16.49 and FMAI TPA-1BS-98. The bends were conducted on their Cojafex
PB1600 bending machine which is the largest that is manufactured. Due to the rela-
tively short length of the 740H pipes, similar diameter steel extenders were welded to
the pusher end of the pipe. The welded pipe was oriented so that the weld was on the
neutral axis (recommended commercial practice). The nominal bending temperature
was 1093 °C and a quench ring was not used. Specific process parameters such as
travel speed and coil power were proprietary to Shaw Clearfield. Despite the rela-
tively high strength of alloy 740H, the actual bending was accomplished with no
difficulty. The tensile yield strength of alloy 740H had previously been determined
to be 32 MPa at 1093 °C. Photographs of the completed pipe bends are shown in
Fig. 5.
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Fig. 5 Completed pipe bends. a Header pipe, b Reheater pipe, and c Welded pipe

Results

Dimensions and NDT

Two aspects of pipe bending are of primary concern: cracking, and dimensions and in
particular wall thinning on the extrados. For these pipe bends, the vendor conducted
limited contact sonic testing to verify extrados wall uniformity. In addition, the
header pipe and the welded pipe were sectioned at the apex to collect detailed wall
thickness measurements around the circumference. Plots showing the wall thickness
at 10° increments are shown in Fig. 6a and b. The measured wall thinning of −10.2
and −13.9% is within the range of 10–15% recommended for 3D bends of large-
diameter pipe [12, 13]. The extrados wall thinning for the reheater pipe, as measured
by UST, varied from−7.5 to−17.5%. However, this range may be influenced by the
more variable wall thickness and eccentricity of the original extruded pipe. Ovality
within the bend area of all three pipes ranged from 0.8 to 1.3% which is well within
the commercial standard of 3%.All the pipes were liquid penetrant tested to the Shaw
internal standard. An external crack that was found on the extrados of the reheater
pipe is discussed below. Extensive radiography was conducted by an external vendor
after the pipes were returned to Special Metals. These findings are discussed below.

Fig. 6 Wall thickness around circumference at apex of bend. Left 22-in OD Pipe, Right 14-in
welded pipe



22 J. J. de Barbadillo and B. A. Baker

Mechanical Properties

Mechanical property testingwas limited in this investigation to verification of compli-
ance with ASME Code Case 2702 minimum properties and general verification that
no microstructural damage such as cavitation had occurred. The bending of the
reheater pipe occurred too late in the project to allow for cutting and property deter-
mination. The uncut pipe bend is now stored at Oak Ridge National Lab awaiting
testing under a future project. Room temperature tensile properties of the header pipe
are contained in Table 2. All tests met the ASME requirements; however, the yield
strength at all locations was lower than that of the unbent pipe. This difference is
likely due to the difference in effective aging time between the shop-aged pipe bend
and the lab-aged unbent pipe. There was no significant yield or tensile strength differ-
ence between the intrados, extrados, or neutral axis despite the obvious difference in
strain applied (nominally 13% tensile strain in the outermost fiber of the extrados).
As expected, the circumferential and through wall ductility was somewhat lower
than the longitudinal ductility. This is thought to be primarily due to the orientation
of carbide inclusion stringers rather than grain shape or texture.

The room temperature tensile properties of the seam-welded pipe are shown in
Table 3. Again, all tensile properties met the ASME minima and the yield strength
of the bent pipe was lower than the unbent pipe. In this case, both pipes were mill
aged, the unbent pipe at Swepco and the bent pipe at Shaw. Through wall properties
could not be determined on this relatively thin wall pipe. A more detailed study of
high-temperature properties of this pipe has been conducted and will be reported

Table 2 Room temperature tensile properties of the header pipe

Location Test 0.2% YS, MPa* UTS, MPa Elong. (%) RA (%)

Neutral axis Longitudinal 651 1138 29 30

Circumferential 661 1119 24 21

Through wall 628 1058 21 24

Exrados Longitudinal 665 1134 32 33

Circumferential 682 1111 29 29

Through Wall 672 1064 22 21

Intrados Longitudinal 678 1133 32 34

Circumferential 658 1121 28 27

Through wall 670 1062 21 20

Unbent pipe Longitudinal 751 1138 38.4 41

Circumferential 727 1079 30.2 26.5

Through wall 689 1069 24.4 22.1

ASME 2702 Min 621 1034 20
*Average of 2

Solution anneal 1107 °C/WQ + Age 8 h 800 °C
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Table 3 Room temperature tensile properties of seam-welded pipe

Item Location Orientation 0.2%
Offset YS,
MPa

UTS,
MPa

Elong, % RoA, %

Welded
pipe

Base metal Circumferential 697 1114 40.4 40.2

“ “ Longitudinal 707 1117 39.6 39.5

“ Weld All weld metal 743 1129 30.0 30.9

“ “ Cross weld 702 1094 30.9 33.3

Bent pipe Extrados Longitudinal 670 1104 40.2 42.8

“ “ Circumferential 659 1097 38.1 39.6

“ Intrados Longitudinal 679 1102 39.8 38.3

“ “ Circumferential 685 1109 39.9 36.6

“ Neutral/weld All weld metal 722 1141 31.6 30.2

“ “ Cross weld 686 1094 31.6 33.4

ASME: YS 621 MPa, UTS 1034 MPa, Elong. 20%

Heat Treatment: Solution Anneal 1107 °C, Age Harden 4 h at 800 °C

in future publications. Creep-rupture properties were found to correspond with the
scatter band for previously generated data used to compute design stress allowables.

Cracking Investigations

Header pipe: ID cracking in a band at the extrados side in the bend start areawas visu-
ally noticed and subsequently radiographed at Shaw (Fig. 7a). This area was marked
for cutting a 140 mm slice for further examination. The macroscopic appearance of
the ID is shown in Fig. 7b. The cracks were circumferential in an arc of 60° and
approximately 6 mm deep. Figure 7c shows a vertical section through the cracked
area.Micrographs of the cracked area (Fig. 8) show that the cracks are predominantly
intergranular with an oxidized surface. Profuse unconnected intergranular voiding
was present near the ID surface in the cracked region. It was noted in the operations
log that an excessive dwell time was experienced at the start of the bending opera-
tion that was caused by slow penetration of the heat from the induction coil in this
very thick pipe. This may have resulted in an embrittled zone where the temperature
never reached the γ′ and carbide solvus. There is no direct evidence of an embrittled
structure because the bends were solution annealed later. Since this cracked area was
within the bend thinning zone, this damage could not be removed by spot grounding
and consequently the pipe would have been rejected. One solution to this problem
would be to begin the bend after the pipe passed through the affected area. Another
possibility is to internally heat the pipe with a gas torch in the starting area. It was
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Fig. 7 Images of ID cracks in header pipe. a Radiograph, b ID surface view, and c Cross-section

Fig. 8 Microstructure in ID cracked region of header pipe

also noted that the cracks tended to initiate at visible grinding marks suggesting that
a smoother final grinding pass would have been beneficial.

Reheater pipe: Shaw Clearfield reported that LP testing showed a single isolated
50 mm long OD crack at the apex of the bend. UST examination after the bent pipe
was returned to Special Metals indicated that the crack was about 12.5 mm deep.
This crack was not excised for examination; however, it is possible that it initiated at
a pre-existing, undetected flaw in the extruded pipe. This crack did not correspond to
an indication on the previous pipe UST scan, but based on the 5% of wall rejection
standard, a 5 mm deep flaw would not have been rejected.

Visual inspection of the pipe ID showed a network of cracks in the region of the
bend stop. Mistras Group, Inc. conducted a full radiographic investigation of the
area. Representative radiographs (Fig. 9) show a network of fine branching cracks in
a band about 300mmwide that extended around the entire circumference of the pipe.
Due to time constraints, this cracking could not be further investigated; however, it
strongly resembles the pattern observed in the welded pipe which was attributed to
strain-age cracking.
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Fig. 9 Radiographs showing ID cracks in reheater pipe

Seam-welded pipe: A branching crack was detected on the ID of the pipe at the bend
stop area. This cracked area was roughly 125mm in the circumferential direction and
75 mm longitudinal direction as shown in Fig. 10a and b. Destructive metallographic
examination conducted by EPRI showed that the crack penetrated about half of the
pipe wall at maximum depth. It appears to have initiated in the base metal and
stopped in the weld metal. Since the entire weld had previously been radiographed
and showed no indications, a pre-existing weld flaw could not be the cause of the
cracking. The main crack and side branches were predominantly intergranular. The
most plausible explanation is that this was a strain-age crack that occurred during
reheating for the post-bending solution anneal. The observation of oxide within the
crack is consistent with this idea. Ding et al. have reported that an area on the ID
about 5° from the neutral axis in the stop zone of an induction bent pipe is a region
of maximum biaxial residual stress [14]. While the actual amount of γ′ present in the
crack region at that point is unknown due to the very complex thermal conditions in
this transient, it is likely that the residual stress in this area combined with a relatively
slow heating rate combined to generate strain-age cracking. A modification of the
clamping procedure at the bending stop stage may also be beneficial in reducing
residual stress.

Fig. 10 ID crack in seam-welded pipe. a Radiograph, b ID view, and c Cross-section
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Discussion

Alloy 740H has been successfully made in all mill product forms in a wide range
of product sizes. The mechanical properties have been shown to be remarkably
consistent. However, many fabricators in the energy supply chain are unfamiliar with
γ′ strengthened alloys and the precautions required to avoid surface checking and
strain-age crackingduring forming and subsequent heat treatment. This is particularly
true of large components required for power and chemical plants. Strain-age or stress
relief cracking has been extensively studied in welded structures of alloy 740H [13].
These studies and other ongoing work by EPRI under DOE sponsorship will develop
practical solutions to concerns for shop and field welding and heat treatment of welds
in complex structures.

The present project illustrates the need to apply this knowledge to unique metal
forming operations such as induction bending where robust process models are not
currently available. Thick and thin wall pipe bends have different issues that cannot
be readily solved by trial and error due to the high cost of the material. Figures 11
and 12 illustrate the issues involved with 740H and other γ′ strengthened alloys.
Figure 11a is a phase diagram for the nominal 740H composition simulated with
JMatPro. The γ′ solvus is predicted to be 973 °C. The η solvus is 1040 °C, so for a
bending temperature of 1093 °C, the strengthening phases in the material in the hot
zone should be fully dissolved. However, for heavy-wall pipe as noted previously
the pipe ID temperature may be substantially lower. Tensile ductility for 740H drops
significantly as the temperature drops below the solvus. The simulated continuous
cooling diagram in Fig. 11b shows that γ′ forms rapidly on cooling. This means that
in a heavy section component the interior is significantly auto-age hardened. This is
illustrated in Fig. 12a which is a hardness traverse across the wall of the mill solution
annealed header pipe. The maximum Rb reading of 105 at the center of the pipe
wall equates to approximately Rc 29 while the ID surface is Rb 88. After aging, a
uniform pipe wall hardness of Rc 30–32 was achieved. This hardness disparity must
be managed when making a process transition such as a start or stop of a forming
operation.

Fig. 11 Calculated phase diagram (left) and continuous cooling diagram (right) for alloy 740H
(JMatPro)
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Fig. 12 Hardness through wall of header pipe. Left as solution annealed and water quenched, right
after aging at 800 °C

There is a continuing effort underway to understand the complexities of induction
pipe bending of age-hardened alloys. One activity involves the development of a
bending model at Argonne National Laboratory under the Department of Energy’s
HPC4Mfg program. The initial version of the model is strictly thermo-mechanical
and at the time of this writing is undergoing beta testing. Future enhancements may
incorporate microstructure evolution. In a separate program, an unbent 710 mm OD
pipe from the AUSC ComTest program is slated for an instrumented bending trial to
provide partial validation of the model.

Conclusions

1. Induction bending of relatively heavy-wall alloy 740H pipe less than 250 mm
OD has been done successfully by multiple commercial tube benders. Induction
pipe bends are now in service in two sCO2 applications.

2. This work has shown that it is physically possible to bend alloy 740H pipes of up
to 710 mm OD and to obtain acceptable mechanical properties and dimensional
control in 560 mm OD heavy-wall pipe.

3. These “best effort” trials showed that the alloy is sensitive to cracking from
pre-existing surface quality as well as specific operational practices interacting
with a strain-agingmechanism. Continuing work will focus on developing robust
production procedures through the use of process models and instrumented tests.
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The Effect of Microstructure
on the Strength of VDM Alloy 780
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Abstract Nickel-base alloys have been developed, which offer higher temperature
capability from ingot metallurgy than Alloy 718. However, these alloys have higher
volume fractions of gamma prime (γ′) precipitates, require further processing steps
and consequently, have higher material processing costs, show a greater propensity
for freckle and are not readily electron beam (EB) welded. There is an appetite for
an alloy that shows improved forgeability, that is EB weldable and can be used at
temperatures of up to 700 °C. This study examines VDM Alloy 780, first using
laboratory compression tests and heat treatment experiments to determine suitable
thermo-mechanical processing (TMP) conditions. Subsequently, pancakes that were
21–22 mm in height and 130–133 mm in diameter were forged from 70 mm in
diameter × 76 mm high bars, which were extracted from mid-radius locations of
8-inch diameter billet. From these, test piece blanks were extracted, and heat treated
for tensile tests at temperatures of 20, 650 and 750 °C. Results from these tests
were compared with microstructure and data from 30 mm thick pancake forgings
that received different TMP conditions fromwork at VDMMetals International. The
combined experiences provide an insight into the effect of forging and heat treatment
conditions on the microstructure and tensile test properties of VDMAlloy 780. They
show that strength levels for fine grain Alloy 720Li can be achieved if specific sizes
of γ grains and γ′ precipitates can be produced.
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Introduction

Fine grain Alloy 718 is used widely for disk rotor applications in aircraft engines.
It has many appealing attributes, such as high strength levels that minimise compo-
nent size and weight, robust and low-cost material and component manufacture,
including the ability to join disk rotors together by electron beam (EB) welding,
but with low levels of melt anomalies and excellent fatigue performance, particu-
larly when surfaces are shot peened. Unfortunately, the temperature capability of the
alloy is limited to circa 600–650 °C by coarsening and dissolution of small gamma
double prime (γ′′) and gamma prime (γ′) precipitates [1, 2], with the possibility
of precipitating α-Cr in the vicinity of delta (δ) from longer and higher tempera-
ture excursions [3] and most significantly, very high rates of time dependent crack
growth in air due to oxygen embrittlement, accentuated by the fine grain size and the
presence of Nb at grain boundaries [4, 5].

Nickel-base alloys [6–13] have been developed, which offer higher temperature
capability from ingotmetallurgy than 718.Unlike 718, however, alloys such as 720Li,
René 65, AD730 and M647 are rich in Al and Ti, rather than Nb and are exclusively
precipitation strengthened by gammaprime (γ′) rather than gammadouble prime (γ′′)
and γ′. They have (i) higher volume fractions of strengthening precipitates (Table 1),
(ii) require further processing steps [14, 15] and, consequently, have higher material
processing costs, (iii) show a greater propensity for carbo-nitride stringers [7, 16],
freckle [17, 18], and partially or unrecrystallized grains in billet [19–21] and (iv) are
not readily electron beam (EB) welded [22]. This paper has examined an alternative
composition, VDM Alloy 780 [10, 11] which shows similar Nb levels to 718 and
ATI 718Plus [12] but a lower fraction of γ′ precipitates than 720Li, René 65, AD730
and M647. Like A718Plus [13], it can form stacked delta (δ) and eta (η) precipitates
during forging and heat treatment [23]. ATI 718Plus precipitates η/δ in billet as it
is soaked at sub-η/δ solvus forging temperatures [24]. The precipitates then develop
into blocky plates during forging with a preferred orientation in the direction of
material flow [24, 25]. Whilst lamellar η also forms in recrystallized grains during
heat treatment [24, 25], it is the blocky η/δ plates that enable reduced time dependent
crackgrowth (TDCG) rates formaterial that is subject to radial and tangential stresses.
Unfortunately, much higher rates of time dependent crack growth occur for material
loaded in the axial direction [26].

Resistance to TDCG is a critical material property for disk rotors as it can limit the
design life of the component or the interval between inspections. This ismore relevant
in today’s engines as high climb rates are increasingly requiredbycommercial airlines
to move aircraft more quickly to altitude to reduce fuel burn [27]. As optimized
resistance to TDCG is produced with grain sizes that are larger than ASTM 9–8.5
(16–19 μm), acceptable strength, which determines the size and weight of disks,
must be achieved with effective precipitation strengthening, i.e., a distribution of
fine γ′ particles (<30 nm in size) that show high anti-phase boundary energy [28]
and tight control of grain size in closed die forgings. In this case, the aim is to produce
strength levels that approach or are equivalent to those shown by fine grain 720Li.
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Table 1 Composition of nickel-based superalloys, produced by ingot metallurgy for disk rotors,
in atomic %. Approximate (calculated) fractions of strengthening precipitates are given in furthest
right column. B and C levels for VDM 780 are similar to those for 718

Alloy Ni Cr Co Fe Mo W Nb Al Ti % γ′/γ′′

718 51.4 21.2 0.0 19.7 1.8 0.0 3.3 1.3 1.1 23

720Li 54.9 17.3 14.3 0.0 1.8 0.4 0.0 5.2 5.9 44

René 65 54.7 17.9 13.1 0.9 2.4 1.3 0.4 4.5 4.5 38

AD730 57.9 17.3 8.3 4.1 1.9 0.8 0.7 4.8 4.1 38

M647 49.4 17.6 19.4 0.0 1.8 0.8 1.7 7.0 2.2 43

A718 + 51.5 20.1 8.9 9.9 1.6 0.3 3.4 3.2 0.9 30

VDM 780 45.0 20.0 24.5 0.6 1.8 0.0 3.4 4.3 0.4 32

This is particularly challenging or perhaps even impossible with ingot metallurgy
and compositions that show relatively low fractions of γ′ precipitates.

Sharma et al. [29] have reported that VDMAlloy 780 shows slow dynamic recrys-
tallization (DRX) kinetics, compared to 718 but that full recrystallization can be
achieved from fast post-DRX. Note that static recrystallization (SRX) and meta-
dynamic recrystallization (MDRX) are two different recrystallization mechanisms,
which can contribute to post-DRX [30]. It was found that material forged to a strain
of 1.3, from a super-η/δ-solvus upset at 1050 °C and a strain rate of 0.1 per s,
was only 50% recrystallized. However, a 5-min soak after deformation at 1050 °C
achieved full recrystallization and an average grain size of 26 μm. The starting billet
microstructure was 38 μm, with no η/δ particles.

Disk forgings are often complex in shape due to drive arms and, in the case of
high pressure (HP) turbine disc forging, have a large volume of material in the hub.
As such, a forging practice using a conventional hydraulic press will also have to
contend with adiabatic heating and a variation in temperature across the forging.

There is considerable experimental evidence in the literature regarding the nucle-
ation and coarsening of precipitates in 718 [1, 2] and ATI 718Plus [31], which can
inform the development of an ageing heat treatment for VDM 780. At the current
time, similar data is not available in the literature. It is understood inATI 718Plus [31]
that precipitation of γ′ can be suppressed completely if fast rates of cooling (>3 °C/s)
from solution heat treatment, such as from oil quenching, are used, which means that
the entire volume fraction of γ′ can be precipitated from ageing heat treatment. This
offers the opportunity to develop a narrow distribution of very fine γ′ precipitates
(10–30 nm). However, there is the possibility that such a distribution of γ′ precipi-
tates will create a lack of polydispersity, typically found from secondary and tertiary
γ′ precipitates, and produce a significant loss of ductility [32]. It was proposed that
this occurs from localised strain concentrations that arise as dislocations pile up on
γ/γ′ interfaces rather than shearing γ′ precipitates [32].

This paper describes experimental work to understand the influence of grain size
and γ′ precipitate size on tensile strength and ductility of VDM Alloy 780.
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Starting Microstructure

The startingmaterial for the studywas produced by triplemelting, i.e., vacuum induc-
tion melting (VIM), electro-slag remelting (ESR) and vacuum arc remelting (VAR)
and hot deformed into billet with a diameter of 203 mm (8 inch). Test pieces and bars
for compression tests and pancake forgings were extracted from themid-radius of the
billet, such that the compression direction was parallel with the long axis of the billet
axis. Two billets were used, the first, for compression tests and pancake forgings,
showed an average grain size of ASTM 6.5 (38 μm). The second billet, for comple-
mentary work to produce pancake forgings at VDM Metals International, showed
a slightly coarser average grain size of ASTM 5 (65 μm) (Fig. 1). Whilst images
of etched samples from optical microscopy indicate 100% recrystallization, electron
backscattered diffraction was not undertaken to confirm this. However, Sharma et al.
[29] reported that similar as-received VDM Alloy 780 billet material was partially
recrystallized with fine γ′ precipitates. In this and the Sharma study, no η/δ particles
were detected in the as-received billet.

The γ′ solvus temperature (Tsolvus) of the material is 990–993 °C. This was deter-
mined from thermal expansion, specific heat capacity measurements and differen-
tial scanning calorimetry, conducted at the Fraunhofer Institut IKTS in Dresden,
Germany. The η/δTsolvus was determined from laboratory heat treatments on samples
from billet, which were polished and examined in a scanning electron microscope
(SEM) at VDMMetals International. From these SEM images, the highest Tsolvus of
the η/δ phases was found to be 1040 °C. Small amounts of η/δ have been detected at
grain boundaries in material that has been exposed for 1 h above 1000 °C.

Fig. 1 Optical microscopy
image of an etched sample
from the mid-radius of
203 mm (8 inch) diameter
billet, which was used for
forging at VDM Metals
International. The average
grain size was 65 μm
(ASTM 5). The sample was
etched with 60 ml HCl (37%)
and 10 ml HNO3 (65%)
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Experimental Work

Initial experimentalwork involved compression tests on right circular cylinder (RCC)
test pieces that were nominally 16 mm in diameter and 24 mm in height. Test pieces
were soaked at the specified forging temperatures of 985 °C (1805 °F), 1015 °C (1859
°F) and 1050 °C (1922 °F) for 8 h prior to testing. The soak time is a worst-case
exposure for billet that is intended for large diameter forgings. Compression tests
were conducted at the Illinois Institute of Technology in Chicago, USA at a constant
strain rate of 0.1 per s using a servo-hydraulic frame and loading bars fittedwith Si3N4

anvils. Temperature control was provided by K-type thermocouples, which were
attached to test pieces.Boronnitride coatingwas applied to both test pieces and anvils.
After forging down to 12 mm in height (50% upset), test pieces were transferred
within 30 s to a laboratory furnace and re-exposed to the forging temperature for
at least 5 min then furnace cooled at rates of about 100°F/h (0.015 °C/s). This was
intended to promote post-DRX. One semi-circular pie slice from each test piece was
left in the as forged and soaked condition. The other half was available for solution
heat treatment (SHT). A semi-circular pie slice from the test piece forged at 985 °C
was solution heat treated at 1000 °C for 1 h and static air cooled. Pie slices were
ground, polished and etched using Kalling’s reagent. Optical microscopy images
were taken in the centre and mid-radius locations at the axial mid-height position.

Forging simulations using DEFORMwere undertaken. Figure 2 indicates that the
mid-radius, MR, and centre, C, positions for optical microscope images were subject
to effective strains of 0.87 and 1.175 respectively.

The results of the compression tests and heat treatment trials established condi-
tions for subsequent forging of bars that were machined from the mid-radius of the
starting billet material (with an average grain size of 38 μm). These were nominally
70 mm (2.76 inch) in diameter and 76 mm (3 inch) high. In preparation for forging,
bars were coated with hexagonal boron nitride and soaked for 8 h at the forging
temperature. Bars were forged at ATI Materials using a pilot scale hydraulic press,
fitted with nickel superalloy plates that were exposed to the forging temperature.
The total elapsed time from installing the plates and work piece was about 20 s.
Bars were forged down to an actual cold height of 0.83–0.86 inch (21–22 mm) and
a diameter of 130–133 mm (5.1–5.2 inch) using a forging temperature of 985 °C
(1805 °F). The nominal ram speed was 0.1 inch/inch per s. The forged pancakes
were returned to the furnace for post-DRX at 985 °C after 60 s from the end of upset.
They were soaked at 985 °C for 5 min and furnace cooled at a nominal cooling rate
of 100°F/h (0.015 °C/s) until they reached 600 °C (1112 °F), at which point, they
were air cooled. In Table 2, these forging and heat treatment details are presented
as Condition 1. It was recognised that adiabatic heating occurred during the short
forging duration (about 120 s). A process simulation, using a heat capacity correc-
tion, suggested that for the 985 °C test, the temperature in the centre of the pancake
may have reached 1007 °C.

Test piece blanks were extracted from the pancake forgings according to the
schematic plan in Fig. 3 (left). Blanks for tensile tests were 10 mm in diameter ×
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Fig. 2 Results from a DEFORM forging simulation on a RCC test piece. Images shows one half
of a RCC pancake, 22.6 mm in diameter and 12 mm in height

Table 2 Forging conditions for pancake forgings andheat treatment conditions for test piece blanks.
T = temperature, t = time, SR = strain rate, SHT = solution heat treatment, PSHT = post solution
heat treatment

Condition Forge T
(°C)

Soak t (h) SR (/s) SHT T (°C) SHT t (h) PSHT 1 PSHT 2

1 985 8 0.1 1000 1 843 °C for
2 h

788 °C for
8 h

2 950 1 0.05 955 1 800 °C for
8 h

750 °C for
7 h

3 1000 1 0.05 955 1 800 °C for
8 h

750 °C for
7 h

4 1050 1 0.05 955 1 800 °C for
8 h

750 °C for
7 h

52 mm long. The red blank which spans the full diameter of the pancake had a square
section andwas used to confirm grain size prior tomachining test pieces. Blankswere
solution heat treated at 1000 °C (1832 °F) for 1 h and fast cooled to room temperature
at rates of nominally 3 °C/s from 1000 °C (1832 °F) to 871 °C (1600 °F). A 2-stage
post-solution heat treatment (PSHT) or age was then applied. This consisted of 2 h at
843 °C (1550 °F) and 8 h at 788 °C (1450 °F) and was defined based on information
from VDM Metals International, which indicated that the precipitation kinetics of
VDM Alloy 780 were slower than those reported by Srinivasan et al. [31] for ATI
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21

130

tensile tensile

tensile tensile

Fig. 3 Schematic plans showing extraction of test piece blanks from 130 mm diameter × 21 mm
height pancakes forgings (left) and forged triangular sectionpieces (right),whichwere about 150mm
from surface to centre× 30 mm in height. Surface and centre refer to the location of the as-received
material, extracted from billet

718Plus. The aim was to nucleate the maximum fraction of γ′ precipitates during the
first stage of the PSHT then continue to coarsen the precipitates during the second,
lower temperature exposure. Blanks were furnace cooled at a rate of about 100 °F/h
(0.015 °C/s) in between the 2 ageing temperatures. After completing the second stage
age, blanks were static air cooled.

Complementary experimental work was conducted at VDMMetals International
in Altena, Germany. Triangular cross section bars, 95 mm (3.74 inch) in height were
extracted from203mm(8 inch) diameter billet. Barswere soaked for 1 h at the forging
temperatures given in Table 2 for Conditions 2, 3 and 4, before being forged using
an industrial scale hydraulic press, with high temperature insulation mats between
forging dies and the bar to minimise temperature reduction during deformation. The
total elapsed time from a bar leaving the furnace to forging was about 12 s. Bars were
forged down to an actual cold height of 30 mm (1.2 inch) using a nominal ram speed
was 0.05 mm/mm per s. Adiabatic heating in the middle of the section was predicted
to 30–40 °C. Square section blanks, 20 × 20 × 80 mm were cut from the middle
of the pancakes, as indicated in Fig. 3 (right), from mid-height locations. They were
then solution heat treated at 955 °C (1751 °F) for 1 h and air cooled. Whilst γ′ Tsolvus

is 990–993 °C, γ′ precipitates have not been detected, due to very slow precipitation
kinetics, until after a partial SHT at 955 °C. A process simulation was conducted to
understand the cooling rates in a circular section test piece blank. Simple radiation
was assumed, with emissivity of 0.8 and natural convection (0.02 mW/mm2). The
cooling rates between 955 and 700 °C, in the mid-length of the test piece, were
predicted to be greater than 2.5 °C/s. Blanks were aged at 800 °C (1472 °F) for 8 h,
cooled at 50 °C/h (0.014 °C/s) to 750 °C (1382 °F) and soaked at 750 °C for 7 h.
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After completing the second stage age, blanks were static air cooled. Although the
PSHT for Conditions 2, 3 and 4 is different to that for Condition 1, the aims of the
2-stages are the same, as described earlier, albeit with finer γ′ precipitates expected
from 7 h at 750 °C, compared to 8 h at 788 °C. Forging and heat treatment details
are summarised in Table 2.

Test pieces that conform to 5D designs were machined from heat treated blanks.
Tensile tests were conducted at Element Plzen, Czech Republic in accordance with
ASTM E8 and E21 at room temperature, 650 and 750 °C. Strain rates were initially
0.005 per minute for proof stress measurement then 0.05 per minute to rupture.

Results

True stress, true strain data from compression tests on RCC test pieces are presented
in Fig. 4. For the applied strain rate of 0.1 per s, the press loads during forging at
985 °C are 40–60% higher than those at 1050 °C and show a variation in peak true
stress of about 60 MPa in 2 test pieces. There is very little variation in true stress,
true strain data from compression tests at 1015 and 1050 °C.

Optical microscope images of microstructure after forging and post forge DRX
soak are presented in Figs. 5 and 6. It is evident from Fig. 5 that sub-solvus forging
at 985 °C produces only partial recrystallization, with relatively small differences
in strain between the centre (1.175) and mid-radius (0.87) locations giving rise to
significant differences in % recrystallization. Much of the mid-radius location shows
a deformed billet grain size, with very little recrystallization, at least from the optical
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Fig. 4 True stress, true strain data from compression tests on RCC test pieces at a strain rate of 0.1
per s. Test pieces were soaked for 8 h
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microscope image. Figure 6 shows images of the mid-radius locations from the RCC
test pieces forged above the γ′ Tsolvus at temperatures of 1015 and 1050 °C. The
average grain size of RCC test pieces forged at 1015 °C was rated as ASTM 6–5.5
(45–53 μm), using the comparison method in ASTM E112, with grains as large as
(ALA) ASTM 3–2.5 (127–151 μm). The latter were determined from ASTM E930.
Similarly, the average grain size of RCC test pieces forged at 1050 °C was rated as
ASTM 5–4 (64–90 μm), with ALA grains of ASTM 2.5–1.5 (151–214 μm). Whilst
it is not possible to comment on the degree of recrystallization in these images, a
larger grain size has been produced at 1050 °C, which suggests grain growth rather
than recrystallization. This finding is unexpected given the reported work by Sharma
et al. [29] and will be discussed later. As noted earlier, no or very small quantities of
η/δ phases were detected in billet or forged material. Grain growth at temperatures
above 1000 °C is therefore not attributed to dissolution of grain boundaryη/δ needles.

Fig. 5 Optical microscope images of microstructure from mid-height/centre (left) and mid-
height/mid-radius (right) of RCC test piece forged at 985 °C. Etched with Kalling’s reagent.
Predicted strains were 1.175 and 0.87 at centre and mid-radius location respectively

Fig. 6 Optical microscope images of microstructure frommid-height/mid-radius of RCC test piece
forged at 1015 °C (left) and 1050 °C (right). Etched with Kalling’s reagent. The predicted strain
was 0.87 at the mid-radius location



38 M. C. Hardy et al.

The images in Figs. 5 and 6 also show particles, presumably primary carbide
(NbC) stringers that are broadly orientated in a direction, which is parallel to the
forging axis.

After heat treatment, the grain size of edge, mid-radius and centre locations for
the red blank in Fig. 3 was examined. The average grain size was rated, using the
comparison method, to be ASTM 8–7 (22–32 μm), with occasional grains ALA
ASTM 4.5–4 (75–90 μm). These grain size values are for Condition 1 in Table 2.
The corresponding grain sizes (Table 3) for Conditions 2, 3 and 4 in Table 2 were
determined using the linear intercept method (in ASTM E112). They indicate the
degree of recrystallization. Whilst a reasonably uniform grain structure is produced
after SHT (Fig. 7), remnant un-recrystallized grains remain as the SHT temperature
was below γ′ Tsolvus.

The results of tensile tests at 20, 650 and 750 °C onVDMAlloy 780 in Conditions
1–4 are compared with 0.2% proof stress and tensile strength data for alloy 720Li in
Fig. 8. The data for 720Li are typical for forgings in the fine grain condition, solution
heat treated at 1095 °C, oil quenched and aged at 760 °C for 16 h. In this condition,
the average grain size is between ASTM 12–7 (6–32 μm), with occasional grains
ALAASTM 1 (254μm). The strength values for VDMAlloy 780 in Condition 2 are
very similar to those for 720Li, i.e., within 1–2% either side of the 720Li data. The
0.2% proof stress values for VDM Alloy 780 in Condition 3 are also very similar to
those for 720Li but the tensile strength values are 5–7% lower. However, the strength
values for VDM Alloy 780 in Condition 1 and 4 are generally lower than those for
720Li, notably at 650 °C, showing reductions of 15 and 19% in 0.2% proof stress

Table 3 Average grain size values after heat treatment for Condition 2, 3 and 4 (see Table 2)

Condition Ave. fine grain size
(μm)

ASTM No % Ave. coarse grain size
(μm)

ASTM No %

2 10 10.5 85 119 3.5 15

3 15 9.5 90 109 3.5 10

4 19 8.5 95 152 2.5 5

Fig. 7 Optical microscope images showing the grain structure for VDM 780 after Condition 2
(left), 3 (middle) and 4 (right). The forging direction is vertical. Samples were etched with 60 ml
HCl (37%) and 10 ml HNO3 (65%)
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and tensile strength respectively for Condition 1 and reductions of 10 and 17% in
0.2% proof stress and tensile strength respectively for Condition 4.

Figure 9 presents ductility data for VDM Alloy 780 in Conditions 1–4. The alloy
exhibits good ductility at room temperature in all the Conditions examined. However,
elongation is no greater than 7% at 650 and 750 °C, with reduction of area values
of less than 2% for Conditions 3 and 4 at 650 °C. In comparison, typical ductility
values for alloy 720Li are greater 18% at these temperatures.

Discussion

From the results of experimental work, it is evident that strength of VDM Alloy 780
is highly sensitive to changes in the size of γ grains and γ′ precipitates. The least
appealing microstructure in terms of strength was produced from Condition 1. A
screw thread at one end of the broken test piece from the 20 °C test was polished
and examined in a SEM. A backscattered electron image in Fig. 10 (left) shows the
grain structure in this test piece, which is consistent with the rated average grain size
of ASTM 8–7 (22–32 μm) for the red square section blank (Fig. 3, left).

The polished section from the screw thread end was subsequently electrolytically
etchedwith 10% sodiummetabisulfite (Na2S2O5) solution for 1–2 s using 3V.Whilst
the periphery of the sample was over-etched, a sufficient area was etched correctly
to produce images such as the in-lens image in Fig. 10 (right), which shows γ′
precipitates. As expected, these are fine but perhaps more rounded cuboidal rather
than spherical. Two X 200,000 magnification images were analysed using Image J
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Fig. 10 Backscattered electron image (left) and in-lens image (right) showing γ grains and γ′
precipitates from VDM Alloy 780 in Condition 1 after heat treatment

software to determine the equivalent circular diameter of γ′ precipitates from area
measurements. Over 900 precipitates were analysed for each condition. The results
of image analyses are presented in Fig. 11. Given the use of an etched sample, and
the necessity for high magnifications, it was not possible to reliably determine the
area fraction of γ′ precipitates nor sizes of γ′ precipitates that are smaller than 10 nm.

Similar image analyses are required to understand the size of γ′ precipitates for
Conditions 2, 3 and 4. This is beyond the scope of the current study. However,
remaining blanks for tensile test pieces (Fig. 3, left) in Condition 1were subsequently
re-solution heat treated at 1000 °C for 20 min, water quenched and aged at 843 °C
(1550 °F) for 20 min, static air cooled to room temperature then aged at 720 °C
(1328 °F) for 8 h and static air cooled. This Condition was called Condition 1+ .
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Fig. 11 Histogram showing the size distribution of γ′ precipitates (equivalent circular diameter)
for VDM Alloy 780 in Condition 1 and 1+ after heat treatment. The average γ′ size is about 35 nm
for Condition 1 and 26 nm for Condition 1+

Tensile tests were conducted to identical conditions as the earlier tests. It was found
that the 0.2% proof stress value for Condition 1+ at 20 °C was within 0.5% of the
Condition 1 but showed 3% improvement at 650 °C. A 5% reduction in 0.2% proof
stress was recorded at 750 °C in Condition 1+ compared to Condition 1. In terms of
tensile strength, Condition 1+ showed a very similar value, within 0.5% of Condition
1 but reduced values at 650 °C and 750 °C, of 6 and 10% respectively. Reduction
in areas values for Condition 1+ were at least 14% at all temperatures although
the % elongation values were 8.5 and 3% at 650 and 750 °C respectively. The size
distribution of γ′ precipitates for Condition 1+ are also plotted in Fig. 11. It is evident
that the PSHT for Condition 1+, compared to that for Condition 1, has reduced the
average size of γ′ precipitates from 35 to 26 nm. It is unclear whether this is due
to the reduced time at 843 °C or reduced temperature used for the second, lower
temperature stage or a combination of the 2.

Despite the reduced size ofγ′ precipitates, an improvement in yield stress or tensile
strength was not achieved in Condition 1+ , compared to Condition 1. This highlights
the importance of grain size. Whilst improved strength levels may be possible with
an ASTM 8–7 (22–32 μm) grain size, from smaller γ′ precipitates, such changes are
likely to reduce ductility, compared to alloy 720Li, as indicated in Conditions 2, 3
and 4. Optimising the size of γ′ precipitates from ageing heat treatment is discussed
further in the following paragraphs. However, to conclude the discussion regarding
the effect of grain size of VDM Alloy 780 on strength, it appears that strength levels
of 720Li could be achieved if γ grains are no greater thanASTM9 (16μm), as shown
from tests on VDMAlloy 780 material in Conditions 2 and 3. Such a grain size may
be difficult to produce in ingot metallurgy alloys, particularly in large forgings with
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complex shapes and varying strain levels. Finer grains are also likely to have less
appealing time dependent crack growth behaviour, which may present a significant
limitation.

One issue that remains unresolved in this study is the observed grain growth in
RCC test pieces from compression tests at 1050 °C and a strain rate of 0.1 per s.
Using very similar or identical billet, Sharma et al. [29] produced an average grain
size of 26 μm, from identical forging conditions. Similarly, the average grain size in
material produced to Condition 4 (Table 3) was found to be 19 μm. One observed
difference is the soak time for billet material prior to forging. The RCC test pieces
were soaked for 8 h at 1050 °C, whereas the other billet was soaked for 30 min in
the work reported by Sharma et al. and 1 h for Condition 4. It is likely then that the
extended time above the γ′ Tsolvus has grown the grains considerably in the billet
so that the starting material prior to forging is not equivalent. This is confirmed in
Fig. 12, from subsequent heat treatment trials on billet material at 1050 °C. The
fitted curve indicates that an 8 h soak at 1050 °C is expected to produce an average
grain size of 108 μm, which is significantly larger than that for the as-received billet
material (38 μm).

The SHT trials at 1050 °C also provided an opportunity to show that γ′ precipi-
tation is suppressed from fast cooling rates. The samples were 1–4 mm in thickness
and were static air cooled from 1050 °C. The cooling rates for such a sample are
expected to be higher than 3 °C/s. Gamma prime precipitates could not be resolved
at a magnification of X 200,000 from a polished sample that was electrolytically
etched using the procedure described earlier.

Without further experimental evidence to confirm the size of γ′ precipitates after
heat treatment, the coarsening kinetics of ATI 718Plus have been considered using
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the data from Srinivasan et al. [31]. An Oswald ripening model, i.e., Eqs. 1 and 2
below, was used to fit curves to experimental data [31], where r is particle radius at
time t (rt) or t of 0 (r0) and θ is temperature in °C. In Fig. 13, curves were produced
using C and n values of −23.265 and 0.037 respectively.

r3t − r30 = k.t (1)

k = exp(nθ + C) (2)

Using these C and n parameters, the ageing heat treatments for Conditions 1, 2–4
and 1+ would be expected to produce γ′ precipitates that have an average size of 59,
46 and 29 nm in ATI 718Plus. As smaller γ′ precipitates were measured in VDM
Alloy 780 material from Conditions 1 and 1+ , the precipitation and/or coarsening
kinetics of VDM Alloy 780 are confirmed to be slower than those for ATI 718Plus.
Further heat treatment experiments are recommended onVDMAlloy 780 to establish
an Oswald ripening model.

All the conditions of VDMAlloy 780 examined in this study showed low ductility
values at 750 °C and a small difference between yield stress and tensile strength. This
indicates that a working temperature of 750 °C is likely to be too high for any future
disk rotors made from VDM Alloy 780. A peak temperature of 700 °C is probably
more realistic.
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Summary and Conclusions

• From this study on VDM Alloy 780, it was found that forging temperature has a
significant effect on the fraction of recrystallized grains after forging at a strain
rate of 0.1 per s.

• Forging temperatures below the gammaprime (γ′) temperature Tsolvus require rela-
tively high press loads (>300 MPa) and produce low fractions of recrystallized
grains, unless forging strains are greater than 1.2. However, a uniform grain struc-
ture can be produced after solution heat treatment (SHT). The resultant average
grain size depends on the solution heat treatment (SHT) temperature. A short
duration above γ′ Tsolvus can produce an average grain size of ASTM 8–7. SHT
below γ′ Tsolvus can produce an average grain size finer than ASTM 9 but with
some remnant unrecrystallized grains.

• No or very small quantities of η/δ phases were detected in billet or forgedmaterial.
Grain growth at temperatures above 1000 °C is not attributed to dissolution of
grain boundary η/δ needles.

• A forging temperature of 1050 °C, above γ′ Tsolvus, requires lower press loads
(circa 250 MPa) and produces a high fraction of recrystallized grains. An average
grain size of ASTM 8.5 to 7 can be produced after forging from dynamic recrys-
tallization (DRX) and post-DRX. However, the soak time for billet at 1050 °C,
prior to forging, should be minimized to prevent grain growth.

• Grain size and the size of γ′ precipitates determine tensile behaviour of VDM
Alloy 780.

• Strength levels of 720Li can be achieved in VDM Alloy 780 if γ grains are no
greater than ASTM 9 (16 μm) and provided an appropriate size distribution of γ′
precipitates is produced.

• Like alloy ATI 718Plus, precipitation of γ′ in VDM Alloy 780 can be suppressed
if fast rates of cooling (>3 °C/s) from SHT are used, so that the entire volume
fraction of γ′ is precipitated from ageing heat treatment. Whilst γ′ Tsolvus is 990–
993 °C, γ′ precipitates have not been detected, due to very slow precipitation
kinetics, until after a partial SHT at 955 °C.

• Further heat treatment experiments are recommended on VDM Alloy 780 to
establish an Oswald ripening model. This is required to determine an optimized
ageing heat treatment. 2 h at 843 °C + 8 h at 788 °C produced an average γ′ size
of 35 nm. 20 min at 843 °C + 8 h at 720 °C produced an average γ′ size of 26 nm.

• Narrow size distributions of fine γ′ precipitates have produced low ductility values
in VDM Alloy 780, compared to those shown by alloy 720Li. % elongation in
VDMAlloy 780 was no greater than 7% at 650 and 750 °C, with reduction of area
values of less than 2% at 650 °C for some forging and heat treatment conditions
examined.

• Tensile testing at 750 °C produced low ductility and a small difference between
yield stress and tensile strength. Forging and heat treatment conditions had little
influence on tensile properties at 750 °C.
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Abstract The characterization of local and global fracture mechanical properties
is carried out with destructive testing methods and is increasingly required in the
specifications of forgings. Especially in the case of alloy 718 aircraft parts, the
numerical estimation of local material properties is essential for lightweight design,
geometry optimization, and a significant reduction of development and experimental
characterization costs. This leads to a demand for numerical models to capture
initial microstructural inhomogeneities, describe the forming history, and reflect the
local microstructure and properties of the final product. Therefore a digital twin
for the complex forging process was developed in order to reproduce and eval-
uate the resulting local microstructure across the complete process chain. Since the
microstructure determines the mechanical properties like yield stress and fracture
toughness, a dedicated model was implemented to describe the local evolution of the
relevant microstructural features.
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Introduction

In order to estimate the microstructure and the mechanical properties of forged
aircraft components, the microstructure of the pre-material and the complete ther-
momechanical history of the component are key parameters. The initial microstruc-
ture varies locally throughout the volume of a billet and has a major influence on
the final structure and the local distribution of mechanical properties. Therefore, a
coupled thermo-mechanical and microstructural simulation tool of the production
process takes these pre-material inhomogeneities into account. In order to charac-
terize the local grain size, grain size distribution, precipitations and delta phase as
well as the mechanical properties such as yield/ultimate strength and fracture tough-
ness, the billet material was thoroughly analyzed and digitized [1, 2]. The analysis
of several feedstock samples showed a pronounced variation of the microstructure
due to different production routes involving processes like vacuum arc re-melting,
homogenization, upsetting, and cogging. A digital twin [3, 4] of the forging process
takes these variations of the billet material as initial conditions depending on the
analyzed position into account and provides quantities like local temperature, strain,
and strain rate. Based on the microstructural data and the thermomechanical history,
a newly developed multi-class grain size model [5, 6], parametrized by a series of
specially designed experiments, reconstructs the complete microstructure evolution
during the different forming processes. In this simulation recrystallization, grain
growth, and precipitation processes are taken into account. A special focus is set on
the recrystallization behavior, which can be subdivided into dynamic, meta-dynamic,
and static recrystallization [7–9]. The locally different occurrence and interaction of
the previously mentioned phenomena significantly impact the resulting microstruc-
ture in terms of the grain size distribution. As the fracture toughness of alloy 718
results from the specific combination ofmicrostructural features such as the grain size
distribution, size, and amount of precipitates (carbides, carbonitrides and nitrides)
and the delta phase fraction, the local fracture toughness can be estimated in depen-
dence of the localmicrostructure, the load direction and the assumed crack orientation
[1, 10]. These relationships are considered in themodel and used to estimate the local
and global yield strength [11] and fracture mechanical properties. For validation of
the digital twin with its fracture property model, a series of tensile and fracture tests
was performed. These tests were carried out not only on the final part but also on
the billet material in order to determine the inhomogeneities and initial property
values at different positions. The investigated positions are then tracked through the
FE simulation and local thermomechanical data are used as input for the multi-class
grain size model, which finally yields the resulting microstructure at the tracked
material points. This modeling approach establishes the link between a) the initial
microstructure of the billet, b) the forging process, and c) the final distribution of the
fracture toughness in the component.
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Material

The used and tested materials are cast and wrought alloy 718 in different conditions
in terms of their processing routes. Three different billet materials in two dimensions
as well as subsequent forged final aircraft parts from these billets are characterized
and analyzed. The investigated billet materials consist of 1) a round 8′′ double melt
(DM) material, 2) a 10′′ double melt material, and 3) a 10′′ triple melt (TM) material
from the same manufacturer, summarized in Table 1. To understand and model the
connection between the microstructures and properties of the billet and the final part,
two specific aircraft parts—a turbine disk and a structural part (engine mount)—are
forged from the same billets and tested for their mechanical and microstructural
properties.

To emphasize the importance of the local assessment of each testedmaterial, Fig. 1
represents the distribution and variation of the microstructure at the investigated
positions of the pre-material. The scanning electron microscopy (SEM) image using
a backscatter detector (BSE) clearly shows the variation in grain size, grain size
distribution, and delta phase fraction.

In addition, the number, size, and distribution of other precipitates (niobium-
and titanium-rich precipitates) than delta phase were investigated on a large scale
for all billet materials and stored in a database in order to reflect the possible initial
conditions for the forgedparts and track the local evolutionof all thesemicrostructural
features. The microstructural features grain size as well as delta phase fraction and
size strongly vary throughout the thermomechanical process, which can be calculated
with the multi-class grain size model. The coarse carbon and nitrogen-containing

Table 1 Material list Nr. Material Aircraft part

1 8′′ DM Structural part

2 10′′ DM Structural part

3 10′′ TM Turbine disk

Fig. 1 SEM 10′′ TM billet; left: center; right: edge; white: delta phase
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precipitates only shift with the local position due to the geometry and material flow
during the closed die forging.

Experimental

To quantify mechanical properties like the yield strength and the fracture mechan-
ical properties, a series of tests were performed with samples representing different
microstructural states, wherein the biggest difference in microstructural features was
detected from the center to the edge on the 10′′ TM billet material. The tensile
tests and fracture toughness tests were performed according to ASTM E8a [12] and
ASTME399 [13].Within this test series, the following microstructural features were
analyzed as they have the highest impact on the fracture mechanical properties and
can be quantified through testing and simulations: grain size, delta phase area frac-
tion, particle density in terms of precipitates per area. These features vary in the
three different materials (8′′ DM, 10′′ DM, and 10′′ TM); therefore three specimens
for each material and each of the three tested orientations were extracted from two
different positions. This scheme was subsequently applied to the associated demon-
strator components. The number of three specimens is used for statistical evaluation.
The three orientations serve to vary the direction of crack propagation (R-C, R-L, and
L-R, Fig. 2). With this sampling strategy, all crack propagation directions correlated
with the material flow in the pre-materials are covered. With the investigation of the
two different positions in the billet material, the microstructural impact is evaluated,
since there is a strong gradient of grain size from the inside to the outside. The
exact sampling plan for the billets is shown in Fig. 2, where the fracture toughness
specimens (Compact Tension (CT) specimen, width 20 mm) are shown. The tensile
specimens (6 mm diameter) were taken directly adjacent to the CT specimens, with
the tensile direction perpendicular to the resulting fracture surface plane. In order to
make the fracture toughness values comparable, the strength levels of all samples
from the billet materials were brought to that of the demonstrator components by
means of a heat treatment (solution annealing (SA) and aging for structural parts;
direct aging (DA) for turbine disk). This heat treatmentwas also necessary to compare
the billet materials with each other, since hardnessmappings of each in “as delivered”
condition (hardness according to ISO 6507 [14]) showed a strong variation and indi-
cated a difference in yield strength, which would also affect the fracture toughness
and bias the relation between the microstructure and the mechanical properties.

For fatiguecrackgrowthdetermination,additional8-pointbendingspecimens (100
× 20 × 6 mm) from the 10′′ DM material were extracted and used for the evalua-
tion of the fatigue threshold value according to ISO 12108 [15] and for comparison
with results from specimens extracted from demonstrator parts. These correlations
and modeling results, including a detailed analysis of fracture surfaces, are given in
[16].
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Fig. 2 Compact tension (CT) specimen positions in the billet and crack orientation directions
according to ASTM E399 [13]

Modeling and Simulation

For the model development, a hybrid statistical model is defined based on data
from historical fracture toughness tests and tensile tests of various components by
different test labs. The model is parameterized by the influencing features described
before. For this purpose, the statistical model serves as a first approach and shall be
augmented with physical knowledge based on further tests and findings. In principle,
this approach is applicable for all mechanical parameters, but the main emphasis in
this study is set on the fracture toughness, in particular the calculation of KIC. The
estimation of the fracture toughness is of great importance for structural components
in aviation due to the loading characteristics, and the possibility of a numerical calcu-
lation of local KIC would be advantageous for the design and optimization of new
parts. In case for determining the local yield strength the applied approximation is
described in [11] and further provides a relevant input parameter for the digital twin
by representing the local and global fracture toughness properties.

Historical test reports for all relevant structural components from voestalpine
BÖHLER Aerospace GmbH & Co KG from alloy 718 were used as a data basis
for model parametrization and the resulting model constants were validated within
the experimental test series. The mechanical parameters (KIC/KQ, yield strength)
were supplemented with the microstructural features (ASTM grain size, δ-phase
fraction, number of precipitates/particle density). The crack propagation orientation
was defined by means of angular functions between the crack propagation direction
and the forging direction (Fig. 3), as well as the position of the crack plane with
respect to the main forging direction (Fig. 4). The fracture toughness results from
the obtained database were used for parameterization with multilinear regression.

The local arrangement of the particles relative to the crack propagation direction
is a key factor (Fig. 4). The particle arrangement is directly dependent on the local
material flow within the component, which is influenced during forging. The mate-
rial flow direction does not necessarily coincide with one of the principal axes of the
global coordinate system. This is especially true for (a) multi-step forming where
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Fig. 3 Forging directions of the tested materials, left: radial forging of billet and right: die forging
of the final geometry

Fig. 4 Material flow in a turbine disk; green cross: shift of particles; red square marks the CT
specimen and the arrows the crack propagation direction

the part is turned between steps and (b) for complex shaped structural components.
Therefore, a spatial variable must be introduced that describes the local orienta-
tion dependence of fracture toughness and can be used for a modeling approach.
Accordingly, it is of great importance to know the material flow. Figure 3 shows the
difference in forging direction for two different operations relative to the orientation
of an axisymmetric component. In case of the pre-material, the forging direction is
radial and the primary material flow is axial. This behavior is more complex in the
case of closed die forging. In the case of a turbine disk, the forging direction is mainly
axial, but the material flow is strongly characterized by the geometry of the die.

The relationship between the forging direction and the material flow or better
the crack propagation direction to the material flow direction can therefore be best
characterized by angular functions between the two directions and serves as an input
variable for the model. Furthermore, the crack propagation direction relative to the
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material flow direction was identified as one of the most influential parameters.
Also here angular functions between these two quantities were introduced. A point
tracking, which is part of the digital twin [1], can be used as a tool to determine the
angle between the two directions since the displacement of a point over time can be
considered as a vector between two-time increments and its orientation describes the
material flow. Accordingly, this is an input for the fracture toughness model since
the forging direction in the simulation is only vertical at all times. The influence of
the crack propagation direction relative to material flow is illustrated in Fig. 4 for the
2D simulation of the forged turbine disk of the 10′′ TMmaterial. The initially homo-
geneous distribution of precipitates (green crosses) is displaced during deformation
and changes their position according to the material flow. In the final configuration,
the precipitation-plane with the highest density of green crosses corresponds to the
crack propagation direction yielding the lowest fracture toughness in the model.

As mentioned, the statistical model was fitted using multilinear regression
according to the Ordinary Least Square (OLS) [17] method. Here, the input param-
eters are combined in a linear function, whereby the parameterization is carried out
on the basis of minimum of the distance squares to the measuring points. This fit was
performed using the library statsmodels [18] in Python, whereby the delta phase, the
grain size in ASTM, the yield strength, the precipitation density, the angle between
the crack plane and the crack propagation direction relative to the forging direction
were used as model input variables. This approach was chosen since all these vari-
ables can also be simulated or calculated within the digital twin from the multi-class
grain size model. According to the OLS method, the modeling approach results in
Eq. 1:

KQ(calculated) =c0 + c1(δ − Phase[% ]) + c2(Grain size [ASTM ])

+ c3(Yield strength [MPa]) + c4(Precipitation density)

+ c5 sin(crack plane normal − forging direction)

+ c6 cos(crack propagation direction − forging direction) (1)

The parameters c0–c6 result in the smallest deviations and a coefficient of deter-
mination (R-value) of 0.747, which is a reasonable value regarding the rather small
database consisting of historical data only.

Results

The complete resultsmatrixwith all associated parameters (sample ID, heat treatment
condition, grain size and direction/orientation) is listed in Table 2 for all materials
and for all associated demonstrators (average of three specimens). In the following
subsections the influencing factors on themechanical properties (strength, elongation
at final fracture and fracture toughness) will be discussed.
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• Yield strength

The strength properties were tested on each of the three tensile specimens for the
previously defined positions and orientations according toASTME8with a specimen
diameter of 6 mm. The individual strength contributions are correlated with the
hypotheses of the physically based modeling approach in [19] and corresponding
results from the digital twin. Furthermore, the test series results are compared with
each other in groups and the changes in strength are assigned to the respective varied
microstructural features. The samples of the turbine disk in “as forged” condition
were additionally used as a supplement to identify the contribution of the nano-
precipitates (γ′ and γ′′ [20]) from the heat treatment to the total strength.

With regard to the strength values, the highest difference can be seen for the
variationof the heat treatment conditions. The “as forged” conditiondelivers 400MPa
lower yield strengths than the same specimen positions and orientations in the direct
aged condition. Accordingly, a 40% increase in strength can be attributed to the γ′
and γ′′ precipitates.

In contrast, the solution-annealed and aged specimens (structural part 8′′ DM and
10′′ DM) show lower yield strengths than the aged pre-materials, but the tensile
strength has increased slightly. This behavior can also largely be attributed to the
nano-precipitates. However, the solution annealing process leads to a higher niobium
content in solution, because of a reduced phase fraction of the δ-phase and results in
a coarser grain size and accordingly the changes in the strength cannot be assigned
to a single microstructural feature of alloy 718.

After heat treatment the strength levels of the double and the triple melt billets
are the same, which is the prerequisite for the comparability of fracture toughness
experiments and the obtained results. Similar strength values have been confirmed
from all investigated billet samples (10′′ DM + 10′′ TM).

The orientation of the tensile specimens only affects the elongation at final fracture
and necking. While the strength within a tested group appears almost independent
of grain size and orientation, the elongation and necking show a preferential orien-
tation for improved values. While the pre-material has the highest plastification in
axial orientation, the comparable rotationally symmetric demonstrator (turbine disk)
shows a maximum in the radial direction. The samples from the structural compo-
nents exhibit a similar behavior regarding the influence of the orientation. The change
of the sample orientation with the best test results from axial in the billets to radial
in the components is due to the orientation of the specimen in relation to the mate-
rial flow in the respective component. This can be attributed to the formation of a
specific arrangement of microstructural components especially the coarse carbide
and carbonitride precipitates, which move with the material flow during forging.
This hypothesis is corroborated by the analysis of the fracture toughness results
since it includes the influence of the crack propagation direction and has already
been identified as an important criterion from a previous analysis.
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• Fracture toughness

A similar but more detailed approach for the yield strength is applied for the fracture
toughness, as the statistical modeling approach will be deployed and validated based
on that series of experiments. The same sampling scheme was used to determine the
KIC values according to ASTM E399 on CTW40 specimens with chevron notches.
The tested materials showed consistently the same strength level, which is essential
in order to compare the fracture toughness results with each other and correlate them
with the corresponding microstructural feature. The comparison of the microstruc-
ture, the direction of crack propagation, the used pre-material, and the occurrence of
precipitates are now precisely documented in this analysis. All these characteristic
values were quantified in the pre-material as part of the test series and applied as
parameters for the derivation of the fracture mechanic model.

The difference in the impact of the crack propagation direction for the pre-material
compared to the demonstrator part of the turbine disk is striking. As with the fracture
necking, the orientation dependence cannot be directly assigned to the crack propa-
gation direction, but is dependent on the material flow during forging. Similarly, the
comparisons from the 10′′ DM billet material to the associated demonstrator compo-
nent show a change in maxima and minima depending on the crack propagation
direction. Therefore, the consideration of the orientation of the crack propagation
relative to the material flow direction in the model can be confirmed as relevant
input. The investigations further show that specimens with coarse microstructures
and mostly combined with lower delta phase contents tend to have a higher fracture
toughness of about 2 MPa

√
m for each percent less delta phase.

However, the carbide and carbonitride precipitates in terms of number and size
(density) deliver by far the highest impact on the fracture toughness. These incoherent
precipitates remain unchanged and are only displaced over the entire thermomechan-
ical process after casting. Their characteristics influence to a large extent the level
of fracture toughness, which can be concluded from fractography because they are
always exposed at all fracture surfaces and accordingly the shortest path from particle
to particle describes the path of the fracture surface. The local rearrangement of the
precipitate with the material flow thus determines the crack propagation direction
where a maximum or minimum of the fracture toughness occurs. This behavior is
shown in detail in Fig. 5 since here the specimens were taken at the same position
in the pre-material billet and only the direction of crack propagation was changed.
Thereby, the orientation of the precipitates in rows is clearly visible at the fracture
surface. While the R-C orientation reflects a horizontal alignment, the R-L sample
has a vertical alignment of the precipitates. This orientation again corresponds to
the main material flow of the pre-material during cogging in the process chain of
billet production. A detailed image of these precipitations rows (mainly niobium
carbides) is shown in Fig. 6, where the exposed rows of precipitates clearly show the
correspondence with a minimum toughness in this direction.
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Fig. 5 Fractography of different crack propagation directions (10′′ DM R-C vs. 10′′ DM R-L)

Fig. 6 Crack front of 10′′ DM billet, edge position, R-C orientation

The application of the model in comparison with the data from the specific test
series shows good accuracy. The comparison of the measured to the calculated frac-
ture toughness values is shown in Fig. 7. All investigated billets and demonstrator
parts from the test series lie within a range of ±10 MPa

√
m. However, the impact

of the sample preparation and the process of crack initiation within the limits of
the specification remains as uncertainties and cannot be traced or quantified, neither
from the test laboratory nor in the simulation.

Conclusion

The approach of a statistical hybrid model as part of the digital twin serves as a
good starting point for understanding influencing features of the microstructure on
the mechanical properties, especially on the fracture toughness. Using multilinear
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Fig. 7 Fracture toughness: calculated versus measured results

regression, the selected input parameters (delta phase, grain size, yield strength,
precipitation density, the angle between the crack plane and the crack propagation
direction relative to the forging direction) already provides characteristic results on
local assessment within a range of ±10 MPa

√
m. This accuracy is sufficient for the

application to predict local and global fracture toughness values. Additional influ-
encing factors such as specimen geometry and preparation have similar effects on the
spread of the result. To extent themodel to a physically driven one, significantlymore
microstructural states would have to be analyzed in terms of heat treatment condi-
tions, variations in chemistry, and in the number, size, and distribution of precipi-
tates. However, this additional effort would incur disproportionate costs due to the
strictly limited billet materials and controls within the aerospace industry. Only an
increased understanding of the density of precipitates and how they act during the
fracture process in determining fracture toughness will be beneficial. Furthermore,
this generated knowledge would also help to better understand the crack propaga-
tion process. The results of the tensile tests corroborate the findings from previously
applied models and hypotheses. In both model approaches (yield strength and frac-
ture toughness), themean grain size provides already adequate calculatedmechanical
properties. On the other hand, the multi-class representation of the microstructure
is of high importance by determining the fatigue threshold value and a mandatory
part of the digital twin for representing complex microstructures. The combination
of all developed models builds a simulation tool for designing new aircraft parts of
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alloy 718 and will support the optimization of die geometries and process parameters
to fulfil the highest customer demands, achieving the best quality by simultaneous
reduction of local variations in microstructural features and mechanical properties.
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Towards Enhancing Hot Tooling to Form
High-γ′ Superalloys

Arthi Vaasudevan, Fernando D. León-Cázares, Enjuscha Fischer,
Thomas Witulski, Catherine Rae, and Enrique Galindo-Nava

Abstract Ni-superalloys are well-established for use in high temperature appli-
cations in aerospace, power generation, and automotive sectors, yet, are seldom
considered as materials for hot tooling. The operational conditions of hot forming
dies potentially exceed those experienced by aircraft turbine discs. Fortunately, new
disc alloys have pronounced elevated temperature capabilities and the current study
focuses on implementing two advanced alloys, VDM 780 and Haynes 282 (H282)
as hot tool materials. There is, however, inadequate evidence of their life-limiting
properties and mechanisms in the in-service temperature regime of 700–900 ºC.
Thus, realistic operating conditions were replicated by combining interrupted short
and long-term thermal-mechanical tests. Initially, isothermal ageing in the furnace
was used to compare the extent of γ′ coarsening between the alloys, and subse-
quent in-situ ageing and compression testing measured the accompanying loss in
strength. Compression creep testing at stresses near the yield points (250–750 MPa)

A. Vaasudevan (B) · C. Rae (B) · E. Galindo-Nava (B)
Department of Materials Science and Metallurgy, University of Cambridge, 27 Charles Babbage
Rd., Cambridge CB3 0FS, UK
e-mail: av511@cam.ac.uk

C. Rae
e-mail: cr18@cam.ac.uk

E. Galindo-Nava
e-mail: e.galindo-nava@ucl.ac.uk

E. Galindo-Nava
Department of Mechanical Engineering, University College London, 510a Roberts Engineering
Building Torrington Place, London WC1E 7JE, UK

E. Fischer · T. Witulski
Materials Science, Otto Fuchs KG, Derschlager Str. 26, 58540 Meinerzhagen, Germany
e-mail: enjuscha.fischer@otto-fuchs.com

T. Witulski
e-mail: thomas.witulski@otto-fuchs.com

F. D. León-Cázares
Sandia National Laboratories, 7011 East Avenue, Livermore, CA 94550, USA
e-mail: fleonca@sandia.gov

© The Minerals, Metals & Materials Society 2023
E. A. Ott et al. (eds.), Proceedings of the 10th International Symposium on Superalloy
718 and Derivatives, The Minerals, Metals & Materials Series,
https://doi.org/10.1007/978-3-031-27447-3_5

65

http://crossmark.crossref.org/dialog/?doi=10.1007/978-3-031-27447-3_5&domain=pdf
mailto:av511@cam.ac.uk
mailto:cr18@cam.ac.uk
mailto:e.galindo-nava@ucl.ac.uk
mailto:enjuscha.fischer@otto-fuchs.com
mailto:thomas.witulski@otto-fuchs.com
mailto:fleonca@sandia.gov
https://doi.org/10.1007/978-3-031-27447-3_5


66 A. Vaasudevan et al.

revealed accelerated creep rates at high temperatures. The results indicated that even
as exposure duration, temperature, and applied stress all influence microstructural
evolution, the exposure temperature was pivotal in determining the effective life of
these γ′ strengthened alloys. Dissolution kinetics of γ′ around near-solvus tempera-
tures was crucial and was governed by elemental additions. As a result, the research
paves the way for a better understanding and design of superalloys with improved
thermal integrity for hot tooling.

Keywords VDM 780 · H282 · Superalloys · Hot tooling · Gamma prime ·
Thermal stability · Creep testing · Microstructure · Delta · Carbides · Turbine
discs · Hot forging

Introduction

There is an increasing emphasis on developing high temperature materials to cater to
the transportation and power requirements [1]. The largest users of high temperature
materials are the gas turbine engines inmodern jet aircrafts and the land-based turbine
power generators. Other areas of application include turbocharger rotors, pressure
vessels, heat exchanger tubing, etc. Nickel superalloys satisfy the requirements with
their ability to withstand appreciable loading at operating temperatures close to the
melting point (To/Tm > 0.6) for extended periods of time and resist mechanical
and chemical degradation, without undergoing failure. The implementation of these
materials results in improved fuel economy and reduced carbon emissions [1, 2].

The superior performance of Ni superalloys, especially the ones employed as
aircraft engine components, stems from having a high γ′ volume fraction (Vf), and
demand the forming of these parts at temperatures around 1000–1100 ºC [3]. This
consequentially, exerts severe expectations on the hot tooling, imposing tool temper-
atures in the range of 700–900 ºC. Popular steel dies are inadequate to handle such
increased thermal–mechanical stresses. The current work takes a novel approach to
exploring the application of low γ′ superalloys as hot forming materials.

Over the last 50 years, alloy Inconel 718 (IN718) has been a widely used mate-
rial among low γ′ alloys owing to its combination of significant strength, work-
ability, corrosion resistance, affordability, and excellent weldability [4]. Despite
these appealing attributes, IN718 suffers from the thermal instability of γ′′ phase.
At 650 °C, the metastable phase overages and rapidly transforms into the thermo-
dynamically stable, but plate-like and brittle δ. Hence, the alloy’s application for
prolonged time is restricted to temperature lower than 650 °C to retain strength and
creep resistance properties. ATI Specialty Materials developed alloy 718 Plus with
a 50 ºC advantage over IN718 (up to 704 °C) [5], via promoting the more stable
L12 phase γ′. More recently, the development of the new alloy VDM 780, with the
prospect of retaining good properties until 750 °C has gained attention for its use at
even higher temperatures [6].
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VDM 780, developed by VDM Metals, is an improved derivative of IN718 for
higher service temperatures. The γ′ solvus is ~995 °C and solvus of δ is ~1020 °C
[7]. Like 718 Plus, there has been an ambiguity concerning the nature of the high
temperature phase, either δ and/or η [8, 9]. The high temperature phase was proved
by C. Ghica, et al. [10] using HRTEM to be a layered structure consisting of alter-
nating η and δ phases, with a majority of η in the precipitates [10]. For the sake of
unambiguous discussion in this work, the high temperature phase will be referred to
as δ. Nevertheless, no trace of γ′′ has been observed. The presence of a bimodal distri-
bution of γ′ was revealed, with the Vickers hardness values increasing in heat treated
specimens holding increasedVf of smaller precipitate sizes [9]. Apart from the poten-
tial of having high strength capabilities up to 750 °C, there is no data published in
open literature about the elevated temperature strength, thermal stability, and creep
resistance of VDM 780.

The current study concentrates on investigating the thermal stability and creep
properties of VDM 780 at temperatures between 700 and 900 ºC, and importantly
draws a comparison between VDM 780 and an established, low γ′ alloy, Haynes 282
(H282), with a view to potentially implementing them as materials for hot forming
tools. H282 is an appealing γ′-strengthened alternative to IN718, with adequate
manufacturability. Itsmodest elevated temperature strength is compensated by excel-
lentmicrostructure stability over long exposure times [11]. The alloy is said to demon-
strate resistance to γ′ coarsening and to forming deleterious TCP phases even with
1000 h of exposure at temperatures between 760 and 870 ºC [11], and hence, was
chosen for comparison with VDM 780. In the current study, VDM 780 and H282
were subject to isothermal ageing, in-situ strength testing, and compression creep
testing, in the temperature range of 700–900 ºC, followed by thorough microstruc-
tural examination to understand the effects of stress, temperature, and ageing time
on the microstructural evolution and stability.

Experimental Methods and Procedures

Alloys VDM 780 and H282 were made available by Otto Fuchs KG in the form of
forging stocks. The nominal compositions of the alloys are presented in Table 1. The
alloys were forged to produce billets and were subsequently heat treated as follows:
VDM 780: Solution treatment (ST) 1020 ºC/1H/AC, Precipitation anneal (PA) 720
ºC/8H/FC → 620 ºC/8H/AC; and H282: ST 1050 ºC/1H/AC, PA 1010 ºC/2H/AC +
788 ºC/8H/AC.

Table 1 Nominal compositions of VDM 780 and H282 in weight percent

Wt.% Cr Co Al Ti Nb Mo C B

VDM 780 18 25 2.1 0.2 5.4 3 – –

H282 20 10 1.5 2.1 – 8.5 0.06 0.005
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Metallographic Preparation and Microstructural Examination

Samples in as-received (AR), as-aged, and crept conditions were cut in the direction
transverse to the longitudinal axis of the cylinders using Struers-Secutom precision
cutting machine. The cut pieces were mounted in conductive Bakelite and were
ground progressively with fine SiC papers starting from 1200 to 4000 grits, then
polished with 1 μm diamond solution followed by a final 0.06 μm colloidal silica
polish. Samples were subsequently electrochemically etched using the γ etchant,
10% orthophosphoric acid in distilled water. The microstructures were examined
under the secondary electron and backscatter electron modes available on a scanning
electron microscope (SEM) Zeiss Gemini 300.

Isothermal Ageing

Cylinders were sealed in quartz tubes filled with Ar gas and subsequently were
isothermally aged in an induction furnace. Following aging, the samples were rapidly
quenched in ice water to freeze and retain the as-aged microstructures.

Mechanical Testing

All compression tests in this work were carried out using TA Instrument’s DIL 805
A/D, a differential dilatometer amenable to quenching (A) and deformation (D)
modes as it ensured good temperature and strain control. Miniaturized specimens
were machined out of the heat-treated billets to yield solid cylinders of diameter
5 mm and length 10 mm, appropriate for dilatometry. Prior to testing, the cylindrical
specimenswere thoroughly rinsed in acetone and then in ethanol in an ultrasonic bath.
They were ground with 1200-grit emery sheet to remove the peripheral oxide layer to
expose the bare alloy surface to spot welding, given a final rinse in industrial methyl
sulphate and blow dried. Accurate measurements of initial length and diameter of
all prepared dilatometer samples were recorded with a vernier caliper having an
accuracy of 0.01 mm to be input into the program. Maximum care was taken to
maintain parallelism between the ends of the cylinders and not to grind away excess
material. Spot welding of S-type 0.2 thermocouple at the center of the cylinder was
carried out under Ar atmosphere and two Mo-alloy discs (of diameter 10 mm and
thickness 0.5 mm, each) were spot welded onto the ends of the cylinders to provide
lubrication and prevent easy cooling of samples from the tools. The ensemble of
Mo-discs, sample and thermocouples were carefully placed inside the dilatometer,
ensuring that the platens were strictly parallel.

Hot compression tests were conducted using strain-control at test temperatures
from 700 to 900 °C to derive proof stresses and flow curves behaviour. Final true
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strain for deformation was set to 0.15 for all conditions. Held under vacuum, the
cylinders were ramped to test temperatures at 30 °C/s, homogenised for 10 min (to
attain thermal equilibrium), and deformed until the set strain was achieved or the
applied force exceeded 20 kN (maximum permissible force). Time, displacement,
force, true strain, and true stress were recorded at 3000 deformation steps. A strain
rate of 0.01/s (or deformation rate 0.1 mm/s) was selected as it closely replicated
the industrial deformation rate. The samples were then cooled to room temperature
at the rate of 10 °C/s under pure argon gas and were stabilised for a minute before
venting the chamber.

Compression creep testingwas conducted under load-control at temperatures from
700 to 900 °C, and at constant stresses between 250 and 750MPa, input as equivalent
force in Newtons. Test specimens were again held under vacuum, ramped to test
temperatures at 30 °C/s, soaked for 10 min, and deformed for 3 or 7 h, depending
on the test. Time, true strain, applied stress, change in length measured with silica
pushrods and change in diameter measured using a monochromatic laser beam were
recorded for 6000 deformation steps. Following the deformation, the samples were
cooled to room temperature at the rate of 10 °C/s under pure argon gas and were
stabilised for a minute before venting the dilatometer chamber.

All test data collected were processed and analysed using OriginPro [12], a
proprietary computer software for scientific graphing and data analysis.

Image Analysis

SEMmicrographs were processed using the image analysis software ImageJ to esti-
mate γ′ area% andmean size. A normal distribution of the particle sizewas generated
with automatic binning, along with the summary of mean particle size and standard
deviation. The data was imported to OriginPro, wherein the measurements of areas
of observed precipitates were assumed to be perfectly circular and were processed
to yield their resultant diameter.

Results

Initial Microstructure

VDM780 and H282 are both low γ′ alloys, i.e., <35%Vf, yet they are fundamentally
different in terms of their composition; standard heat treatments; grain size; the pres-
ence, morphologies, and distributions of secondary phases. Starting microstructures
of VDM 780 and H282 were examined to understand these differences. Micrographs
imaged at lower and higher magnifications are shown in Fig. 1. (VDM 780) and
Fig. 2. (H282).
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Fig. 1 Initial microstructure of VDM 780 in the as-heat treated state (a) secondary electron (SE)
image showing grain boundaries devoid of δ phase, (b) In-lens SE (IL) image at highermagnification
showing coarse γ′

sec at grain boundaries, (c) IL image showing γ′
sec and γ′

ter at the boundaries,
and (d) IL image displaying bimodal distribution of intragranular precipitates in γ matrix

VDM 780 was composed of nearly equiaxed γ grains with a weighted average
grain diameter of 93.8 ± 2.1 μm and a fair number of annealing twins. The grain
sizes were measured from EBSD data using Aztec crystal software. High angle
grain boundaries were designated as boundaries having misorientation above 15º;
twin boundaries were excluded from the grain size calculation. The grain boundaries
in VDM 780 were δ-free but were populated by coarse γ′. This was expected as
the solution heat treatment temperature was around the δ solvus. This attribute can
potentially cause grain coarsening at elevated temperatures due to the absence of an
effective grain boundary pinning phase. When viewed at higher magnification, the
grain interiors showed a bimodal distribution of γ′, containing secondary precipitates(
γ′
sec

)
of mean diameter 35 ± 5.24 nm, formed on cooling from solution treatment

and tertiaries
(
γ′
ter

)
of diameters ranging between 10 and 15 nm, nucleated during

cooling from solution treatment and developed further during aging treatment. The
average area % of γ′

sec was measured to be 26.8%.
The γ′ particle size distribution in VDM 780 is shown in Fig. 3a.
H282 revealed a combination of fine and coarse grains with grain diameters

ranging between 30 and 273 μm. The mean grain diameter was greater than that of
VDM780 andwasmeasured to be 171.2± 13.9μm. The sub-grain microstructure at
a finer scale containedmonomodal γ′

sec distribution with an average particle diameter
of 37 ± 4.6 nm. The average area % was calculated to be 22.2%. The γ′ particle size
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Fig. 2 Initial microstructure of H282 in the as-heat treated state (a) SE image displaying a mix
of small and coarse grains, (b) SE image depicting the presence of M23C6 on boundaries and
M6C intragranularly, (c) SE image indicating the presence of a carbo-nitride, and (d) IL image of
monomodal distribution of γ′ in γ matrix

Fig. 3 γ′ particle size distribution in the alloys, (a) shows bimodal distribution exhibited by VDM
780, and (b) shows monomodal distribution exhibited by H282
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Fig. 4 EDX mapping of different types of carbides present in H282

distribution in H282 is shown in Fig. 3b. The grain boundaries were decorated with
discontinuous films of M23C6 and grain interiors showed a mix of other carbides
such as MC, M6C, along with borides, nitrides, carbo-nitrides, or carbo-borides. To
understand the nature of carbides and other secondary phases present apart from γ′,
and their morphology and distribution in the AR material; energy dispersive X-ray
spectroscopy (EDX) was performed, and the results are presented in Fig. 4.

From the images, a Cr-rich discontinuous carbide network was observed in the
grain boundaries, and Mo-rich globular carbides were observed intragranularly and
were taken to be M23C6 and M6C, respectively, similar to observations made in
[13, 14]. Apart from these, Ti–rich nitrides were also located inside the grains and
owing to high density of Ti, they appeared dark under the SEM. It was reported by
Hanning, Fabian, et al. [15], that Mo-rich borides were absent in H282 following
TEM analysis. But EDX images presented in Fig. 4 suggest a possibility of Mo-rich
boride precipitation surrounding TiN precipitates. It is indeed ambiguous whether
Moborides envelopeTiCarbo-nitrides orMocarbo-borides envelopeTi-rich nitrides.
A thorough TEM examination is necessary to draw conclusions on the identity of
these secondary phases.

Nevertheless, the preliminary differences in the starting microstructures of VDM
780 and H282 were understood.

Elevated Temperature Strength

There is lack of information on yield strengths and flow stress behaviours of these
alloys, especially VDM 780, at the temperatures between 700 and 900 ºC. Hot
forming dies, and other tools are mostly under the influence of compressive stresses,
and H282 and VDM780 were subjected to uniaxial compression testing. The knowl-
edge of flow curves and strengths at this temperature range is very useful to iden-
tify the possibility of plastic deformation during forming cycles when compared
against the simulation predicted results of Von Mises stresses on the tools, wherever
applicable.
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The flow curves are presented in Fig. 5a. (VDM 780), and b (H282), along with
proof stress information in Fig. 6. At 700, 800, and 850 °C strain hardening was
observed in both alloys while at 900 ºC strain softening and dynamic recovery
occurred. Proof stresses (as measured to be true stresses corresponding to 0.2% true
strain) are higher for VDM 780 at lower temperatures but are nearly equal at 900
ºC. High strength of VDM 780 could be attributed to high γ′ Vf and finer precipitate
size than that in H282.

Fig. 5 Flow curves displaying the variation of true stress vs true strain (a) in VDM 780 and (b) in
H282

Fig. 6 A plot of variation of proof stresses as a function of test temperatures for VDM 780 (red)
and H282 (black)
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Effect of Thermal Exposure on Microstructure
and Mechanical Properties

Hot forming tools and dies are expected to remain in service for a long time with
good structural integrity for which the thermal stability of microstructure is essential.
In γ′ strengthened alloys, the microstructural instability is reflected as a loss of phase
%, undesirable phase transformation or in-situ precipitation of deleterious phases
and leads to a loss of strength and ductility [11].

During hot forming, workpieces are generally maintained between 1000 and 1200
ºC [16, 17] and the temperature of hot work tool steels are raised to a high temperature
(~550 ºC) to accommodate severe thermal gradients between the workpiece and the
tool; this is detrimental to the tool life [3]. To prevent this, in the current study
with superalloys, the background temperature of the tool is to be increased further.
Based on simulation, the expectation is that the temperature of the tools will vary
between 700 and 900 ºC. The surface temperature might raise closer to ~900 ºC.
Thus, temperature regime of 700–900 ºC is considered. Specimens of both alloys
were isothermally aged for 40 h at 700 ºC, 18 h at 800 ºC, to mimic long-term in-
service conditions, and at 900 ºC for 3 h tomimic the short-term spikes in tool surface
temperatures during operation.

To gain a deeper understanding of time-driven microstructural changes, a shorter
exposure duration of 7 h was also chosen at both 700 and 800 ºC to be compared to
the 40 h and 18 h microstructures, respectively.

Microstructures of both alloys were examined after isothermal aging in the
furnace. The aged microstructures of VDM 780 are presented in Fig. 7 and that
of H282 are presented in Fig. 8. Average secondary γ′ particle diameters along with
the standard deviations, and area % for each aged condition were measured using
ImageJ.

VDM 780

In VDM 780, at 700 ºC after 7 h exposure little change in precipitate size or Vf was
observed in comparison with the AR microstructure, while after 40 h of exposure,
even though the γ′

ter was intact, a modest increase in the size of both secondaries and
tertiarieswas observed.At 800 ºCdistinct changes in themicrostructurewere noticed.
Soaking for 7 h led to the disappearance of γ′

ter and the sizes of γ′
sec were higher than

the AR specimen, but comparable to those present in 700 ºC, 40 h sample. Increasing
the soaking period to 18 h at 800 ºC drove a substantially increased coarsening rate
of the secondary precipitates. Additionally, δ phase was observed after 7 and 18 h.
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Fig. 7 IL images displaying as-aged microstructures of VDM 780 after furnace ageing for condi-
tions (a) 700 ºC/ 7H; (b) 700 ºC/ 40H; (c) 800 ºC/ 7H; (d) 800 ºC/ 18H; and (e) 900 ºC/
3H

Figure 9 explains the relevant features noted after 800 ºC treatment. Incoherent
δ precipitates were sporadically observed to be precipitated from the grain bound-
aries and propagated intragranularly into the grains, serving no purpose apart from
consuming the γ′ forming elements, Al and Nb and thus, leading to the decline in
the γ′ Vf. At 900 ºC even a small exposure period of 3 h caused a severe decline in
secondary Vf along with much larger precipitate sizes.
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Fig. 8 IL images displaying as-aged microstructures of H282 after furnace ageing for conditions
(a) 700 ºC/ 7H; (b) 700 ºC/ 40H; (c) 800 ºC/ 7H; (d) 800 ºC/ 18H; and (e) 900 ºC/ 3H

H282

In H282, there was no visible change in γ′ size and Vf between the AR specimen
and those aged for 7 h at 700 and 800 ºC. However, the sample aged at 700 ºC for
40 h and 800 ºC for 18 h displayed a slight increase in size compared to the initial
microstructure and to samples aged at shorter times at the respective temperatures.
At 900 ºC with 3 h of exposure, there was a substantial decline in the secondary γ′
Vf with pronounced coarsening.
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Fig. 9 Explains the differences observed in the microstructures of VDM 780 after iso-ageing,
(a) 700 ºC/ 40H: IL image showing γ′

sec and γ′
ter, and no δ; (b) 800 ºC/ 7H: showing the presence

of δ; (c) 800 ºC/ 18H: revealing the absence of γ′
ter precipitates; and (d) 800 ºC/ 18H: showing the

presence of δ phase

Figure 10 displays the evolution of grain boundary Cr23C6 carbides with tempera-
ture. The density of the carbides decreased from an almost continuous network along
grain boundaries at 700 ºC, 40 h to discontinuous precipitation at 800 ºC, 18 h to a
much-depleted discrete precipitation at 900 ºC, 3 h.

Effect of Exposure Time and Temperature on γ ′

Figures 11 and 12 present details on the effect of ageing temperature and times on
γ′ coarsening for VDM 780 and H282, respectively. It is evident that VDM 780 is
unaffected by exposure at 700 ºC. The particle size and area%are unchanged between
AR and 40 h at 700 ºC; and there is an overlap between sizes of 7 and 40 h at 700
ºC, along with no additional phase precipitation or transformation, implying that
the microstructure is very stable with temperature and time at 700 ºC. A substantial
increase in size and decline in area % from AR is witnessed at 800 ºC/18H; so is
the increase in particle sizes from 800 ºC/7H to 800 ºC/18H. The temperature is
favourable for δ nucleation and growth, and it can be postulated that this accelerates
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Fig. 10 IL images revealing the decreasing Cr23C6 density with ageing temperature in H282 for
ageing conditions (a) 700 ºC/ 40H; (b) 800 ºC/ 18H; and (c) 900 ºC/ 3H

Fig. 11 Examining the effect of ageing temperature and time on the γ′ size and Vf in VDM 780

the coarsening and dissolution of γ′. At 900 ºC, a serious 8% decline in area% occurs
along with a 25 nm increase in the size.

In H282, the microstructure is stable with respect to ageing time and temperature
at 700 and 800 ºC. Despite increased size between AR and 700 ºC/40H, there is no
change in area % among 700 ºC/7H, 700 ºC/40H, 800 ºC/7H, and 800 ºC/18H. This
again validates the hypothesis that H282 exhibits γ′ stability at elevated tempera-
tures. However, at 900 ºC, like VDM 780, H282 also succumbs to γ′ coarsening and
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Fig. 12 Explaining the effect of ageing temperature and time on the γ′ size and Vf in H282

dissolution as the temperature is near the phase solvus. It is noteworthy that even as
the γ′ content and sizes at 900 ºC are comparable between the alloys, the rate of the
decrease is more pronounced in VDM 780 than in H282.

Impact of Precipitate Evolution on Yield Strength

To learn the effects of thermal ageing on mechanical strength, in-situ ageing and
uniaxial testing were done at soaking temperatures and proof stresses were deter-
mined. In-situ ageing and uniaxial tensile testing was done by Otto Fuchs KG on
both VDM 780 and H282. In-situ ageing and compression testing on VDM 780
was carried out in the dilatometer for conditions 700 ºC/40H, 800 ºC/18H, and 900
ºC/3H. Where duplicated, the tests were closely repeatable giving confidence in the
accuracy of the technique and the results. During in-situ ageing, holding times were
matched with corresponding ageing times in the furnace, to mimic furnace ageing
and avoid any changes in the microstructure arising from quenching and re-heating.

Figure 13 shows the flow stress curves of VDM 780 before and after ageing at
the test temperatures. Figure 13a shows the difference of proof stresses between
aged and unaged samples as a function of test temperatures. The slight increase in
strength after 40 h ageing at 700 ºC can be attributed to the growth in size of tertiaries
that may fall under the category leading to transition from weak to strongly coupled
pairs of dislocations. The decrease in strength observed at 800 ºC after 18 h can be
attributed to the dissolution of tertiaries, coarsening of secondaries and the onset of
δ precipitation. However, additional tensile tests presented in Fig. 14a (VDM 780), b
(H282), exhibit near-equal strengths for VDM780 at 850 ºC and above. As expected,
near-equal proof stresses in H282 were observed from the tensile tests for different
test temperatures and times. Therefore, we can conclude that the relative variation
in strength for the conditions tested is only small.
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Fig. 13 (a) Variation of compressive proof stresses of VDM 780 with test temperature prior to and
after ageing. (b) Flow curves of VDM 780 tested at 700 ºC in unaged and 40 H aged condition.
(c) Flow curves of VDM 780 tested at 800 ºC in unaged and 18 H aged condition. (d) Flow curves
of VDM 780 tested at 900 ºC in unaged and 3 H aged condition

Fig. 14 Presenting the variation of tensile proof stresses with exposure times in hours for different
temperatures in (a) VDM 780 and (b) H282
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Creep Testing and Microstructural Evolution

The macroscopic creep deformation response of VDM 780 and H282 are presented
as true strain vs time curves in Fig. 15. Tables 2 (H282) and 3 (VDM 780) display the
creep strain values along with strength information for different test conditions. The
influence of both temperature and stress on creep could be deduced as specimenswere
crept at a combination of high and low stresses at temperatures between 700 and 900
ºC. Creep was interrupted at low strains and exposure times were curtailed to subject
alloys to limited deformation. For each of the conditions tested, observed minimum
creep rateswere computed and are plotted as a function of creep temperature as shown
in Fig. 15c. As expected, the creep rates increased with increasing temperatures.
Overall, for similar testing conditions, VDM 780 displayed negligible creep strains
at lower temperatures compared to H282. In contrast, at the highest test temperature
the creep strain of VDM 780 is almost twice than that experienced by H282.

Fig. 15 Plots displaying creep plastic strain verses time for (a) VDM 780 and (b) H282;
(c) presenting the variation of observed minimum creep rate as function of creep temperature
for VDM 780 (red) and H282 (black)
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Table 2 H282 Creep strain

T (ºC) Stress (MPa) t (hours) Strain H282 Strength H282

700 750 7 0.5% 628

800 280 3 Nil 578

800 450 3 1.8% 578

850 250 3 0.2% 486

875 250 3 2.2% –

900 250 3 4.2% 439

Table 3 VDM 780 Creep strain

T (ºC) Stress (MPa) t (hours) Strain VDM 780 Strength VDM 780

700 750 7 Nil 868

800 280 3 Nil 720

800 450 3 0.8% 720

850 250 3 0.05% 562

875 250 3 2.4% –

900 250 3 7.8% 496

Creep Response of H282

At 700 ºC, with relative stress level, σapplied /σyield (σa /σy) of 119.4%, the alloy
sustained principally primary creep with limited secondary creep. At 800 ºC, for
creep condition of σa /σy around 50%, no creep was observed. The applied stress
was further increased to 450 MPa at 800 ºC to result in σa /σy of 77.85%. This led
to a noticeable 1.8% creep strain. Hence, it can be noted that at lower temperatures,
applied stress dictated creep strain. However, at higher temperatures of 875 and 900
ºC, the resulting creep strain was significant. At 50% relative stresses, there was a
two-fold increase in strains experienced between 875 and 900 ºC.

Microstructures of the samples were examined at selected conditions 700
ºC/750 MPa/7H, 800 ºC/450 MPa/3H, and 900 ºC/250 MPa/3H; to reveal the effects
of temperature and stresses. From themicrographs (in Fig. 16), no new stress-induced
microstructural changes were witnessed apart from expected coarsening of γ′

sec with
concomitant decline in γ′

sec and M23C6 Vf , quite consistent with the microstructures
observed after isothermal ageing.

Creep Response of VDM 780

Creep behaviour of VDM 780 was distinct from that observed in H282. Between 700
and 850 ºC, low creep strains were experienced with none of the tests fully reaching
steady state creep, notwithstanding, a few tests showing nil creep strains. 700 ºC
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Fig. 16 Backscatter SEM (BSE) micrographs of un-etched H282 specimens after creep at (a) 700
ºC/7H/750 MPa, (b) 800 ºC/3H/450 MPa, and (c) 900 ºC/3H/250 MPa; all displaying γ′

sec. BSE
micrographs of H282 (d) and (e) displaying continuous and discrete precipitation of Cr23C6 in the
boundaries in 700 ºC/7H/750 MPa and 900 ºC/3H/250 MPa conditions, respectively

testing with σa/σy of 86.4%, 800 ºC/280 MPa/3 H with σa /σy of 38.9% and 850
ºC/250 MPa/3 H with σa /σy of 44.5% all displayed no plastic strain. An increase in
the applied stress to 450 MPa (σa/σy of 62.5%) at 800 ºC/3H resulted only in 0.8%
creep strain, which indicated that VDM780was less sensitive to creep stress at lower
test temperatures. At temperatures above 850 ºC, there was a non-linear increase in
the creep plastic strains observed. At 875 ºC with σa /σy of approximately around
50%, a substantial plastic strain was observed equal to that of H282 at the same
condition, with more secondary creep regime. At 900 ºC, maximum creep plastic
strain of 8% was experienced. This implies that VDM 780 is more temperature
sensitive and employing it above 850 ºC could be precarious over long duration.

Any observations of negative creep were considered non-physical and were
attributed to perturbations arising from Mo-discs undergoing deformation or any
inaccuracies while recording the initial dimensions of the samples as the DIL 805 is
very sensitive. For compression deformation with the DIL 805 A/D, the change in
length is continuously decreasing and is reflected as positive creep strain. A negative
creep strain means that the sample expanded against the applied compressive load.
Such instances of negative creep are well documented for tensile creep in single
crystal superalloys undergoing directional coarsening of γ′, with precipitate rafts
aligning perpendicular to the stress axis [18], which is not a possibility in these
alloys. Nonetheless, microstructure examination under TEM would be necessary to
conclusively negate the presence of any creep strain.

Figure 17 displays the SEMmicrographs of the crept VDM 780 samples, sequen-
tially in various test conditions. It was observed that at 700 ºC, themicrostructure was
comparable to the AR one with retained tertiaries, secondaries, and coarsened secon-
daries at the grain boundaries. At 800 ºC testing with lower stress, the microstructure
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Fig. 17 IL micrographs of VDM 780 crept specimens, (a) 700 ºC/ 7H/ 750 MPa showing both
γ′

sec and γ′
ter; (b) 800 ºC/ 3H/ 280 MPa displaying γ′

sec; (c) 800 ºC/ 3H/ 450 MPa; and (d) 850 ºC/
3H/ 250 MPa revealing discontinuous grain boundary precipitation with intragranular γ′

sec

was intact, but at higher stresses a peculiar stress-induced effect of grain boundary
migration followed by discontinuous grain boundary γ′ precipitation was observed.
The discontinuous precipitation was seen in all samples tested at 850 ºC and above.
Discontinuous precipitation constitutes “the formation of a two-phase lamellar struc-
ture behind moving grain-boundaries” and is well explained in Williams, David B.
et al. [19]. The precipitation reaction is of interest as it leads to a detriment in
mechanical properties.
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Fig. 18 VDM 780 creep at 900 ºC/ 3H/ 250 MPa: IL micrographs showing (a.i) thick rod-like δ

and (a.ii) discontinuous precipitation of lamellar γ′ behind migrated grain boundaries; (b.i) BSE
micrographs showing γ′-free deformation bands

At 900 ºC, presented in Fig. 18, thick rods of δ precipitation growing inside the
grains were observed alongwith discontinuous γ′ precipitation. Also, at 900 ºC, there
were γ′-free deformation bands. Figure 19 presents the rough schematic for the δ

phase TTT curve for alloy VDM 780. With phase solvus at 1020 ºC, the nose of δ

precipitation (shown as green curve in the figure) could be somewhere between 850
and 900 ºC for time between 1 and 3 h. At 800 ºC, δ starts to form between 3 and 7 h.
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Fig. 19 Time temperature transformation curve of δ phase in VDM 780, showing the presence or
absence of δ for different exposure temperatures and times

Discussion

A comparison is drawn between the alloys VDM 780 and H282 for hot tooling appli-
cations. However, the larger aim of this paper is also to identify and design optimised
nickel superalloys for this application. Usually in hot forming, theworkpiece ismain-
tained at a higher temperature than the tools and due to this thermal gradient, there
is a superficial increase in the temperature of the tools. In the current study with
superalloy candidates, the aim is to increase the background or core temperature
capability of the tools. The tools are expected to experience temperatures between
700 and 800 ºC at most locations, for major parts of their life, with the surface that
encounters the workpiece, to experience temperatures above 800 ºC up to 900 ºC.
From the experimental evidence, it was observed that both VDM 780 and H282
performed satisfactorily for this requirement and were better than the conventional
nickel superalloy, IN718. But between the alloys, VDM 780 was better at lower
temperatures while H282 was more reliable at higher temperatures.

The elevated temperature strength of VDM 780 is about 200 MPa greater than
H282 at lower temperature and the difference diminishes as temperature increases.
With no practical variation in grain size due to temperature, the grain boundary
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strengthening can be calculated usingHall–Petch relationship using σD = KY√
D
, where

D is the mean grain size and KY is the Hall–Petch constant. The value used for KY

in calculations for yield strength models proposed by Galindo-Nava et al. [20] is
710MPaμm1/2. Using the value for KY, the relationship yields a difference of about
20MPa between the alloys due to differences in grain size. This implies that the effect
of grain size towards strengthening is minor. Similarly, the effect of solid solution
strengtheners is also likely to be small. In these alloys, the primary strength arises
from γ′; size, distribution and Vf , all dictate the penetrability of dislocations. In the
case of fine sized precipitates with low fraction, the leading and trailing dislocations
do not occupy γ′ simultaneously and constitute weak pair coupling, while in case of
large precipitate sizes, they give rise to strongly coupled dislocation pairs wherein
both dislocations reside in a particle at the same time. Critical resolved shear stresses
(CRSS) quantify the stresses required to drive these dislocations into the precipitates
and generally, a maximum is observed when there is a transition between weak to
strong coupling. The bimodal distribution of γ′ is advantageous in VDM780 at lower
temperatures for providing high strength. At 700 ºC, with increasing ageing time, the
size of tertiaries increases. This will increase the strength when the growth in size of
γ

′
ter is sufficient to result in strong coupling. However, at higher temperatures of 800

and 900 ºC, due to dissolution of γ
′
ter and coarsening of γ

′
sec, the particle shearing

stress will be absent and the strength of the alloy will diminish.
From the iso-aged microstructures of H282, it can be observed that, apart from a

decreased density of M23C6 carbides, no noticeable difference in γ′ area percent or
particle diameter occurs between 700 and 800 ºC ageing treatments. For all practical
purposes, equal measurements could be assumed across 700 ºC/7H, 700 ºC/40 H,
800 ºC/7H, and 800 ºC/18 H treatments. With ageing time, the retention in strength
and resistance of γ′ coarsening in H282 is induced by high Ti/Al ratio and high
Mo additions. The higher the Ti/Al ratio, the lower is the γ-γ′ misfit and the rate of
coarsening of γ′ is reduced. The slow diffusivity of Mo retards the coarsening of γ′.
Additionally, Ti also increases the antiphase boundary energy (APBE) and confers
resistance to precipitate shearing. This plays a positive role in time dependent creep
deformation. Thus, high Ti/Al ratio and high Mo additions in H282 impart thermal
stability [21, 22].

InVDM780, the highAl andNb content (2 and 5.4Wt.%as opposed to 0.2 and 0%
in H282, respectively) confers higher γ′ Vf and higher elevated temperature yield
strength [6]. However, higher Al/Ti ratio makes the γ′ susceptible to coarsening
due to increased γ-γ′ misfit. The lack of Ti in VDM 780 is compensated by Nb
additions. Nb segregates to γ′ and its low mobility helps retain finer precipitates
[22]. Thus, in VDM 780, at low temperatures, γ′ kinetics is controlled by Nb. But
as the temperature increases closer to γ′ solvus and δ forming temperatures, Nb is
depleted by the formation of δ (Ni3Nb,DOaorthorhombic phase).Also the presence
of 25% Co stabilises δ phase in VDM 780 once it is formed [23]. Hence, above 850
ºC, there are no elemental contributions precluding γ′ coarsening and dissolution,
thus VDM 780 is more susceptible to loss of strength and creep resistance when
compared to H282.
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In creep, no new or unexpected microstructural changes arise in H282 in addi-
tion to the trend observed after iso-ageing. The microstructure is stable with no
undesirable incoherent phases or TCP phases, similar to reports by Pike, L et al.
[11]. However, in VDM 780, as temperature increases, lamellar γ′ and δ phases
appear. When δ precipitates form, they are enveloped by a γ′-depleted zone, which
is inherently weaker. Likewise, the occurrence of coarser lamellar γ′ will contribute
little towards strengthening. Additionally, at 900 ºC, γ′-free deformation bands are
observed to exist in majority of grains. Sundararaman et al. [24], has reported that
these bands originate due to shearing of precipitates on <111> planes, possibly
accompanied by cross slipping to <100> planes, all taking place within the formed
band. Once cut, the halves get redistributed and dissolved, thus leaving an empty
band. The applied stress alone cannot be solely attributed to the phenomenon. It is
agreed that the fragmentation occurs owing to the mechanical influence, however,
the dissolution of the redistributed fragments, each of which is below the critical
radius, is temperature driven. This occurrence could be one of the reasons for the
detrimental response of this alloy to the applied stress at 900 ºC. Thus, VDM 780 is
less able to withstand the high surface temperatures of the tools.

Some of the damages encountered by the tool surfaces include adhesive and
abrasive wear, erosion, plastic deformation, thermal–mechanical fatigue, and surface
or gross cracking [25]. In this study, the susceptibility to plastic deformation in
candidate alloys is studied through the means of short-term strength testing and
long-term creep testing. Also, the extent of deterioration of properties with time is
examined using isothermal ageing. It can be concluded that VDM 780 is more prone
to die chilling effect and can be used for operations having lower demanding surface
temperatures, while H282 can be employed for more demanding surface temperature
applications.

In future, to implement γ′ superalloys as tool materials, the following factors must
be considered: 1. γ′ coherency with γ matrix and APBE required by dislocations to
disorder γ′ precipitates, 2. γ′ Vf and variation with increasing temperature, and 3. γ′
size, stability, and extent of coarsening. These parameters rely largely on the alloy
chemistry but can be modified by applying the appropriate processing conditions.

Conclusions

A study is presented wherein two low γ′ strengthened derivatives of IN718, a
newly developed alloy VDM 780 and another commercially popular alloy H282, are
compared for the purpose of application as hot tooling materials. These alloys have
gained popularity for their appreciable fabricability and weldability, however, they
remain largely unexplored with respect to their mechanical properties in the tempera-
ture regime of 700–900 °C, the range of interest to hot tooling. The tools are expected
to withstand continuous loading cycles at high temperatures for prolonged times.
Therefore, elevated temperature strength, thermal stability through furnace ageing,
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and time-dependent creep deformation are evaluated. Themechanisms driving defor-
mation are studied by examining the evolution of γ′ and other secondary phases with
applied temperature, time, and stress. An insightful correlation between process
parameters, mechanical outcomes, and microstructure is established.

Between 700 and 800 ºC, VDM 780 is observed to be much stronger and creep
resistant, potentially due to the presence of bimodal distribution of fine tertiaries
and higher Vf of secondaries. The γ′ (monomodal) Vf is smaller in H282, compar-
atively. Nevertheless, both the alloys display microstructural stability with no new
undesirable precipitation that might weaken the microstructure.

Above 800 °C and below 900 °C, wherein the tests mimic short-term spikes
in tool temperatures during operation, H282 is observed to possess better creep
resistance with reasonable strength due to a more stable microstructure. In VDM
780, the microstructure is weakened by (a) occurrences of stress-induced discontin-
uous grain boundary precipitation of lamellar γ′ and (b) incoherent δ precipitation
emanating from the boundaries and travelling into the grains, enveloping γ′-depleted
zones around them. Additionally, coarsening and dissolution of intragranular γ′ is
more pronounced in VDM 780 than in H282, when compared with the as-received
microstructures.

In summary, both alloys display better mechanical performance at different condi-
tions. VDM 780 is superior at lower temperatures (<850 ºC) with high operating
stresses while H282 is more tolerant of higher operating temperatures at lower
stresses. Overall, between temperature, time, and stress; temperature has the over-
powering control. The differences arising in γ′ precipitate size scale, distribution, and
Vf , evolution with temperature is revealed to have the most impact on the macro-
scopic response of these alloys. The current study provides an impactful comparison
of these two alloys and paves way into designing new nickel superalloys for hot
tooling applications.
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In-Situ HT-EBSD Measurements
and Calibration of Multi-class Model
for Grain Growth and δ-phase
Dissolution Kinetics of Alloy 718

P. Raninger, C. Gruber, W. Costin, A. Stanojevic, E. Kozeschnik,
and M. Stockinger

Abstract In the aerospace industry the microstructure evolution of alloy 718 during
forging and heat treatment and the resulting mechanical properties are decisive in
viewof the high-quality requirements of aircraft components.During thermomechan-
ical processing the temperature control and adiabatic heating lead to grain growth and,
if δ-solvus temperature is exceeded, to the dissolution of the δ-phase, which further
results in accelerated grain growth. To describe the history of the microstructure in
terms of grain size during and after forging or heat treatment an existing multi-class
microstructure model is optimized with a focus on grain growth kinetics and param-
eterized by experimental results. The multi-class model describes the microstructure
and the coarsening during processing more precisely in terms of the grain size distri-
bution than previously used single-class models. A topic for other but related work is
the prediction of mechanical properties such as tensile strength, fracture toughness
and creep resistance, which requires a precise prediction of grain size characteris-
tics in terms of sizes and size distributions as provided by the model presented in
this work. The experimental data basis stems from in-situ high-temperature electron
backscatter diffraction (HT-EBSD) investigations and supporting experiments. The
experimental setup and the results are discussed in detail.
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Introduction

Forged components in the aerospace industry are subject to increasing demands in
terms ofmechanical properties and geometry, while development times are becoming
shorter and shorter. This development is based on the requirements for lower compo-
nent weights, longer service lives, and accurate prediction of properties [1]. This
should ensure more efficient use of the components while at the same time reducing
emissions as required for meeting sustainable development goals [2]. Furthermore,
the costs for development and production must be kept as low as possible for the
forging manufacturing plant. This applies especially to the most highly stressed
components in the aero engine.

In order to meet these requirements, finite element (FE) based computer simu-
lations including microstructural models are used to predict the desired properties
already in the design phase in the sense of integrated computational materials engi-
neering (ICME) [3]. Accordingly, the relevant material characteristics defining the
final properties and depending on the manufacturing process are to be incorporated
into models in order to have a predictive tool for aircraft parts available. In addition,
all influencing factors such as inhomogeneities from the pre-material production,
as well as the varying forming characteristics in terms of energy input from the
forging aggregates as well as the final heat treatment must be taken into account
finally leading to a digital twin for alloy 718 aircraft parts. An overview of the
manufacturing process and relevant process parameters is given in [1, 4].

The present work aims the investigation of mechanisms taking place during the
final heat treatment as well as a suitable numerical implementation in a model [5–
7]. The modeling approach uses grain size classes, which allows the calculation of
the growth of fractions in favor of thermodynamically disadvantaged classes and to
simultaneouslymonitors the evolution of various grain fractions. Themodel captures
dynamic and meta-dynamic recrystallization processes in dependence on forging
conditions. It is based on semi-empirical models of the type described by Sellars [8]
that have been further modified for alloy 718 but need to be expanded to capture
grain growth within the multi-class framework.

A substantial experimental basis for the first tests of a new model implementation
is created with a focus on grain growth kinetics with and without the presence of
the δ-phase fractions. In-situ HT-SEM and HT-EBSD measurements are carried out,
which allows observation of changes in the microstructure during isothermal heating
as described e.g. in [9] for the case of a precipitation hardenable steel. For the current
study on alloy 718, two in-situ experiments with different initial microstructures
(with and without δ-phase) are performed with a focus on isothermal holding at
1045 °C for 90 min. These experiments are supplemented with a series of ex-situ
annealing treatments where temperatures and holding times are varied and results are
documented with light microscopy. All image files from the different experiments
are evaluated regarding grain size distribution and δ-phase area fraction by the use
of proper image analysis techniques. Furthermore, the δ-phase dissolution kinetics
is evaluated with an in-situ SEM video and the influence of the δ-phase on grain
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growth inhibition is visualized.After complete δ-dissolution the re-building ofNi3Nb
precipitates is investigated with a focus on kinetics and resulting morphology.

Material and Experimental Methods

The material for the investigation of growth kinetics is an aerospace-certified triple
melt material from a 10 inch billet of alloy 718 in as-forged condition after the
cogging process. This material was specifically chosen since it shows a variation of
grain size and δ-phase content in its cross-section thus providing optimal conditions
for a systematic investigation of grain growth in dependence of the δ-phase content
at various grain sizes. The variation in grain size over its radius is shown in Fig. 1,
wherein the EBSD IPF colored grain maps represent the initial conditions for the
conducted in-situHT-EBSDmeasurements.At the local position of the relative radius
(R) of 0.05, the average grain size was 10.0 ASTM with nearly no grain growth
inhibiting δ-phase (1.2% area fraction, measured at 7 positions) compared to the
edge sample at R = 0.98 with a grain size of 11.5 ASTM and 5.2% δ-phase.

Furthermore, 72 (36 edge, 36 center) samples from the same local positions with
nearly equal grain sizes and δ-phase fractions were extracted for ex-situ heat treat-
ments in a lab furnace. The sampleswere annealed at 5 temperature levels (980, 1010,
1040, 1070, and 1100 °C) for 5–240 min and analyzed for the resulting average grain
sizes with light microscopy [10]. The results are a substantial basis for the calibration
of the multi-class grain growth model capturing varying heat treatment conditions
and initial states in terms of grain size and δ-phase fraction.

In contrast to the classic ex-situ heat treatments and subsequent microscopy, the
in-situ HT-EBSD experiments provide several interpolation points in a single run.
To ensure the highest recording quality after grinding and polishing, an additional
flat milling (Hitachi IM4000) [11] was performed for 5 min at 6 kV. The operation

Fig. 1 EBSD IPF grain map 10” TM billet at 300× magnification. Left: center region at relative
radius R = 0.05. Right: edge sample at R = 0.98
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is illustrated in Fig. 2a). The specimen for preparation had a dimension of 5 × 7 ×
1 mm, with a thermocouple on the upper surface in the vicinity of the measured area
as shown in Fig. 2b). The heating was carried out with a second-generation high-
temperature heating stage HSEA-1000 from TSL Solutions KK [12]. The position of
thermocouple close to the region of interest and not on the reverse side is essential for
precise temperature control during the experiments since the heating stage technically
supplies the heat to the reverse side of the sample and there might be a temperature
gradient over the specimen thickness.

The test setup in the SEM (Cross Beam 340) is shown in Fig. 3a). Before an in-situ
experiment was started, a representative SEM image (BSE) has been taken (Fig. 3b)),
which on the one hand documents the initial condition of the specimen and on the
other hand provides the basis for the selection of the measuring parameters in terms
of magnification, electron beam voltage and the frame size of the EBSD detector
(Oxford Instruments—CMOS Symmetry). The starting microstructure in Fig. 3b)
shows the importance of the pre-material selection since its high concentration of
δ-phase will dissolve above δ-solvus and lead to a change of grain growth kinetics.

Fig. 2 a Illustration of the work principle of flat milling [Hitachi], b Illustration of the position of
the thermocouple and the region of interest for EBSD

Fig. 3 aMeasurement setup in the SEM including the heating stage, b representative back-scatter
electron (BSE) SEM image at the beginning of the in-situ experiment
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Because the mentioned dissolution kinetics is of high importance, the in-situ HT-
EBSD experiments were conducted at 1045 °C, which corresponds to the specific
maximum of the used heating module and lies above the δ-solvus temperature of
about 1025 °C. The thermal history is depicted in Fig. 4 starting with pre-heating to
200 °C and degassing for 30 min before the first EBSD image is taken representing
the starting condition of the sample. Heating continues with a maximum heating rate
of 250 °C/min up to 980 °C (below δ-solvus) where the temperature is kept constant
for 3 min in order to refocus on the previously chosen measurement area, which is
necessary due to the thermal drift during ramp up of the specimen. However, the
impact of the short holding time at 980 °C on the microstructure can be considered
negligible. After the final ramp up to 1045 °C a SEMvideo is started providing in-situ
imaging of the dissolution process of the δ-phase and the grain growth of each grain
size fraction (small grains grow into coarser ones). The δ-solution process finishes
in under 5 min, which marks the end of the SEM video recording, instantly followed
by the sequential recording of EBSD images. One EBSD is recorded every 3 min
over the course of the predefined holding time of 1.5 h. To be able to characterize
the precipitation of the δ-phase too, an additional 1 h holding time at 900 °C was
attached with EBSD imaging every 15 min.

The systematic and continuous recording of SEM and EBSD data within in a
single experiment is a significant advantage for the purpose of this work. No uncer-
tainties arise from the sampling positions in case of an alternative multi-specimen
approach. The influence of local variations of the microstructure in the pre-material
in case of individual sampling is eliminated since only a single sample is required
and a specific area can be consistently traced throughout the applied thermal history.
Additionally, every single image would require an ex-situ heat treatment and indi-
vidual characterization, which would lead to higher expenses in terms of time and
costs compared to the in-situ method in the SEM.

Fig. 4 Temperature evolution for the two in-situ EBSD experiments. The timing of the EBSD
measurements is indicated
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Modeling

The modeling of grain growth in the framework of grain classes is supposed to
extend the capabilities of a simulation tool that already captures the evolution of
grain sizes during forging where recrystallization is the dominant mechanism. The
basis for the description of grain size evolution are semi-empirical approaches as
outlined in [5]. Since the multi-class model uses area-based grain sizes, single-class
growth models are not directly compatible with the multi-class framework due to
the following mathematical problems. The class-dependent grain growth based on a
standard single class model for each size fraction would realistically reflect the faster
growth kinetics of small grains, but they would only growwithin their grain fractions
towards the next definedgrain class. The approachwould lead to expected coarsening,
but it happens parallel to and independently of the growth of other fractions leading
to a violation of the assumption of a constant volume. Correspondingly, the model
would not represent the process of grain growth in a physically sound way.

A correct numerical representation could be built on physically, computation-
ally intensive models, which however would take too long to be applicable in a
digital twin. Therefore, a semi-empirical approach is applied, where the distribu-
tion of the grain classes is fixed during coarsening and the mean value follows
single-class growth kinetics. Since the calculation is area-based, the conversion into
ASTM classes (which follow a logarithmic scale of the grain sizes) can be well
established and should mitigate the deviation to physical models. An insight into
obtainable results based on these assumptions with fixed distributions is shown in
Fig. 5, wherein the sum of the area to be reproduced as well as the density function
of the grain distribution does not change, and only the average mean value of the
grain size grows (represented by the peak value in Fig. 11, which will be discussed
further below).

Fig. 5 Illustration of grain growth modeling based on increase of mean size and fixed size
distribution [13]
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For the growth of the mean grain size, which, however, is still size-dependent, the
approaches of Buken and Kozeschnik [14, 15] are chosen and parameterized based
on the results of the test series. The resulting grain diameter D in Eq. 1 is the product
of the grain boundary mobility M and the size-dependent driving force for grain
growth Pd,i, where the index i refers to the respective size class. The scaling factor
ηH, material constant kd, and the surface energy γHA from Eq. 2 can be combined
into a single temperature and grain size dependent constant.

Ḋ = dD

dt
= MPD,i (1)

PD,i = 2ηHkdγH A(
1

Di
− 1

Dmean
) (2)

1

M
= 1

MPrecipitates
+ 1

MSolute drag
(3)

The grain boundary mobility M in the case of samples containing δ-phase is
clearly different from those with hardly any δ-phase as will be illustrated in the
results section based on model results. At the current development stage, the model
has been calibrated and tested with data from the literature and part of the presented
experimental results. The full range of datasets obtained from the in-situ as well as
ex-situ experiments will be used for a consistent calibration of model parameters for
the tested parameter range and for validation purposes.

Results and Discussion

The results of the two separate test series, i.e. in-situ HT-EBSD and ex-situ heat treat-
ment and optical light microscopy (OLM), are individually discussed and afterward
compared in the context of grain growth behavior. The in-situ data, which is available
as a sequence of EBSD images every 3 min, are intended to show the progression
of grain growth visualized in the 20 ASTM grain classes that are also used in the
model. Since in-situ data was only recorded for two initial microstructures and one
dissolution temperature, the ex-situ tests are a valuable supplement to the data set.
They were evaluated for the evolution of the mean value of the grain size with time
to quantify the influence of varying temperatures on the δ-phase dissolution and
coupled grain growth.
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HT-EBSD

As with all metallic materials, the large grain fractions grow in favor of the finer
fractions. This behavior is illustrated in Fig. 6 with three representative EBSD grain
maps from the same position of the R = 0.98 sample. Especially the comparison
between 30 and 90 min holding time shows how the largest grains grow at the
expense of the surrounding smaller grains, while their orientation and the position
of the twins remain approximately constant.

Additionally, it was found that the δ-phase in sample R = 0.98 was already
completely dissolved after 5 min at 1045 °C. This δ-phase dissolution kinetics is
representative for this high-temperature experiment and both are confirmed by the
SEM video at the beginning of the holding time and the second recorded EBSD
image. After the complete dissolution of the δ-phase, the kinetics of the grain growth
was faster and comparable to results of the sample at R = 0.05 with a low δ-phase
fraction right from the beginning.

It should be noted that in the case of EBSDdata, as opposed toOLMdata, the grain
size evaluation can be easily carried out with or without consideration of the twin
boundaries, depending on the goal of the analysis. Physically more meaningful is the
removal of the twin boundaries but grain size data fromOLM typically includes them
and therefore the EBSD evaluation for themodel calibration was chosen accordingly.
This way the data are compatible with the OLM data from the ex-situ experiments
and historic and future OLM data from standard testing where the removal of twins
is not possible. Modeling results will thus predict the commonly determined grain
sizes, that include twin boundaries. The difference is illustrated in Fig. 7 for the pre-
material at R = 0.98. The comparison shows that the evaluation convention leads to
finer size distributions and this must be kept in mind for consistent interpretation of
experimental and simulation results.

Figure 8 shows the total evolution of the grain size distribution, including twin
boundaries, in the corresponding classes. It can be seen that especially the finest
fractions (smaller than ASTM 12.0) completely disappear after only 5 min at these
temperatures. After that, a wide-range grain size distribution can be seen, which
increases with an approximate maximum in the middle of the distribution. After

Fig. 6 Representative EBSD images of a specific position of the R= 0.98 sample at the beginning
of the holding time and after 30 and 90 min
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Fig. 7 Illustrative
comparison of grain size
evaluation from EBSD data
with and without
consideration of twin
boundaries for 10” TM
pre-material

about 30 min a maximum at ASTM 4.5 forms, due to some extremely coarsened
grains. However, this maximum is also due to the non-linear slope of the ASTM
grain classes and the fact that no coarser class than ASTM 4.5 is considered for the
evaluation in this study. For this reason, all larger grains accumulate in this class and
do not move on to a coarser fraction.

Apart from the very beginning of the holding time the results of the R = 0.05
sample show the same evolution of grain growth kinetics as R = 0.98. The differ-
ence is the starting condition, with coarser grains and no δ-phase. For R = 0.98, a
comparable state was reached after 5 min, and from this point on results match.

Fig. 8 Grain size distribution evolution; HT-EBSD R = 0.98; T = 1045 °C
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Ex-Situ Heat Treatments

In order to supplement the in-situ experiments, the samples from ex-situ annealing
were evaluated using OLM data using the algorithm described in [4]. The focus was
laid on the grain growth kinetics below and above the δ-solvus temperature. For
the ex-situ samples, the evolution of the mean grain diameters was determined at
980, 1010, 1040, 1070, and 1100 °C and is shown in Fig. 9. Please note that the edge
samples were extracted at R= 0.95 and not at R= 0.98 as for the in-situ experiments.
However, the positions on the radius are sufficiently close to exclude microstructural
differences. As expected, the grain size increases with time and is more pronounced
at higher temperatures. The distinction between the edge samples (R= 0.95) and the
center samples (R= 0.05) with a lower proportion of δ-phase is clearly visible since
these already exhibit increased growth kinetics below δ-solvus. This phenomenon
changes above the δ-solvus temperature since the edge samples usually have a higher
dislocation density due to the radial forging, which accelerates the growth kinetics
accordingly. Related effects are discussed in [16, 17].

0

20

40

60

80

100

120

140

160

180

0 50 100 150 200

EC
D 

[μ
m

]

holding time [min]

980°C R=0.05

980°C R=0.95

1010°C R=0.05

1010°C R=0.95

1040°C R=0.05

1040°C R=0.95

1070°C R=0.05

1070°C R=0.95

1100°C R=0.05

1100°C R=0.95

Calculation R=0.05

Calculation R=0.95

Fig. 9 Evolution of the mean grain size diameter with time at various temperatures and for two
different initial conditions corresponding to R= 0.05 and R= 0.95. Symbols refer to experimental
results, lines to model predictions
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Fig. 10 Delta dumping – change in phase fraction and morphology of precipitating δ-phase at
900 °C after 10 h holding time

Precipitation of δ-phase

Due to the design of the in-situ experiments also the precipitation of δ-phase could be
investigated, which is kinetically significantly slower than dissolution. According to
the literature, the fastest precipitation kinetics occur around 900 °C [18]. In addition
to the 1 h holding time at this temperature in the in-situ experiments, an ex-situ experi-
ment was carried out to characterize the extreme condition after 10 h at 900 °C, which
is depicted in Fig. 10. The δ-phase forms a needle-like morphology and grows partly
through grains as reported in a similar study of Xie et al. [18]. In technical applica-
tions this condition is avoided due to the significant degradation of the mechanical
properties. In general, the consideration of δ-phase precipitation in the model is of
lower relevance compared to δ-phase dissolution, because the cooling through the
relevant temperature range in the process chain of forging and heat treatment is
always sufficiently fast and does not affect the fraction or the morphology of the
δ-phase.

Model Results

The logarithmic trend lines fitted to the experimental data in Fig. 9 represent the
first parameter identification for the implemented modeling approach. The predic-
tions are in good accordance with the measurement results even without detailed
parametrization. The full parametrization of the model at all temperature levels has
still to be carried out including the coupling with δ-phase kinetics as shown for the
single-class approach [7], in order to capture the change of grain boundary mobility
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Fig. 11 Visualization of results from themulti-class grain growthmodel for grain growth at 1000 °C
for a microstructure with 4% δ-phase (left) and no δ-phase (right)

and grain growth within one consistent model. Nevertheless, the model can already
be used to illustrate the effect of the strongly varying grain boundary mobility in
microstructures with and without δ-phase. Figure 11 shows the growth kinetics for
both cases at a temperature below δ-solvus and starting with the same initial grain
size distribution. The growth kinetics without δ-phase is significantly faster than in
a corresponding simulation with 4% δ-phase. At 1000 °C with 4 h holding time the
initial average grain size of 10.5 ASTM (average of all measured ex-situ samples)
with its characteristic distribution function grows to 9.0 ASTM in the case of the
sample containing 4% δ-phase and to 5.0 in the case of the sample free of δ-phase. The
resulting area-based fractions of each grain class can be determined using the known
statistical distribution with respect to the individual grain classes, as mentioned in
the modeling section.

However, there are limitations of the modeling approach for grain growth, since
the evolution of more complex grain size distributions cannot be described. A single
mean value and standard deviation cannot describe duplex distributions like “as
large as” (ALA) grains or bimodal distributions. This capability is by definition an
essential advantage of the multi-class grain size framework, which still applies to
the recrystallization part of the model. Regarding grain growth the chosen approach
poses a limitation of this advantage, especially when simulated size distributions are
subsequently used for predicting mechanical properties. A possible solution is the
use of two separate distribution functions for the small and the larger grain fractions
that are simulated separately and merged after every calculated time increment. In
practice, bimodal distributions are avoided by the optimization of the forging process,
which canbe donebasedon the recrystallization part of themodel and for the common
continuous grain size distributions as depicted in Fig. 8, no such limitations arise for
the grain growth part.
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Conclusion

The combined experimental approach with the in-situ and ex-situ characterization of
δ-phase and grain growth kinetics for physical understanding andmodel development
provides several advantages compared to classicalmethods using ex-situ experiments
only. Besides the time and cost efficiency of the presented in-situ investigations
using a heating stage inside an SEM for continuous recording of SEM and EBSD
images, the results can be interpreted without uncertainties arising from the common
inhomogeneities within the pre-material and their unknown effect in approaches
using multiple samples. Due to their easier accessibility, ex-situ experiments can
effectively supplement the in-situ results for additional temperatures and specifically
for long holding times.

The first model results confirm that the simple approach for the extension of the
existing multi-class grain size model for recrystallization effectively describes the
evolution of grain growth obeying the law of volume constancy when size fractions
grow. In the implementation the average grain size resulting from all size classes
grows according to a semi-empirical model and is converted back to individual grain
classes based on the initial statistical size distribution. However, care must be taken
when bimodal or duplex distributions are the initial state for grain growth because
limitations arise from the chosen model approach in this case.

With the extensive and consistent experimental data thefirst auxiliary parametriza-
tion of driving force and grain boundary mobility in the model based on litera-
ture data and parts of the presented results can now be extended and optimized for
all relevant temperature ranges and microstructural initial states providing a model
covering recrystallization during forging and δ-phase dependent grain growth during
subsequent heat treatment.
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Abnormal Grain Growth Maps
of Wrought Ni-Base Superalloys

M. G. Fahrmann and D. A. Metzler

Abstract The presence of abnormally large, overgrown grains upon sub-solvus
annealing of certain hot-worked structures has been reported for several cast and
wrought and powder metallurgy superalloys. These overgrown grains typically
feature a high density of annealing twins and a precipitate distribution similar to the
one in the adjacent fine-grained matrix. Predicting the propensity of a given thermo-
mechanical processing path to trigger said abnormal grain growth (AGG) has proven
difficult since key aspects such as the distribution of stored energy in the as-hot-
worked structure are generally not known a priori. Instead, alloy-specific AGGmaps
are proposed that provide a potential risk assessment for AGG to occur. Such maps
were generated exemplarily for two very different Ni-base superalloys, HAYNES®

244® alloy and HAYNES® 233™ alloy, built on a sizeable number of different hot-
worked and sub-solvus annealed product forms. The usefulness and limitations of
suchmaps are discussed. In addition, some insight into possible mechanisms of AGG
upon sub-solvus annealing of the studied alloys is provided.

Keywords Polycrystalline superalloys · Abnormal grain growth maps ·
Overgrown grains · Zener pinning · Stored energy

Introduction

Abnormally large grains forming upon annealing of certain hot-worked structures
have been reported for a number of commercial cast and wrought and powder metal-
lurgy superalloys [1–12]. This phenomenon has been referred to as Abnormal Grain
Growth (AGG), Critical Grain Growth (CGG), or Inhomogenous Grain Growth
(IGG), and has typically been associated with certain thermo-mechanical processing
paths. Of particular interest is the occurrence of abnormally large grains during sub-
solvus annealing of components since sub-solvus annealing is specifically designed
to control grain size by virtue of the pinning force of grain boundary precipitates.
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Using the term AGG throughout this paper, AGG was encountered in laboratory
sub-solvus annealing studies of several hot-workedHAYNES alloys and superalloys.
While those annealing conditions are not of immediate commercial relevance for the
studied alloys, they offer unique insight into this important phenomenon in antici-
pation of future product needs. Initially, an attempt was made [12] to rationalize the
observed AGG on the basis of a framework recently proposed by Charpagne et al.
[10]. However, it quickly became obvious that the two key inputs in the framework,
i.e., the distribution of stored energy in the as-hot-worked structure and the distribu-
tion of grain boundary pinning precipitates, are generally not known a priori, thus
limiting the predictive capability of such maps.

Taking a different approach, we propose an engineering AGG map that reflects
several key aspects that can be reasonablywell controlled in amanufacturing environ-
ment: the local dynamically recrystallized grain size in the as-hot-worked condition,
annealing temperature relative to the solvus temperature of the main grain boundary
pinning phase, and annealing time. Suchmaps were illustratively constructed for two
alloys featuring very different grain boundary pinning precipitates by incorporating a
sizeable number of different hot-worked product forms. These empirical maps were
supplemented by detailed microstructure analyses.

Material and Experimental Methods

The two alloys selected areHAYNES244 alloy andHAYNES233 alloy. The nominal
compositions of these alloys are shown in Table 1. The predominant grain boundary
pinning phase at the relevant hot working and annealing temperatures in the former
is μ phase [13], in contrast to secondary carbides in the latter [14].

The annealing response of a sizeable number of product forms, particu-
larly in 233 alloy, was studied by optical metallography and scanning electron
microscopy (SEM), supplemented by energy-dispersive spectroscopy (EDS) and
electron backscatter diffraction (EBSD). Metallographic preparation methods and
imaging/analyses conditions were reported elsewhere [12].

Table 1 Nominal compositions (inwt.%) of the two studied cast andwroughtHAYNESsuperalloys

Alloy Ni Co Fe Cr Mo W Mn Al Ti C B

244 alloy bal 1a 2a 8 22.5 6 0.8a 0.5a – 0.03a 0.006a

233 alloy1 bal 19 1.5a 19 7.5 0.3a 0.4a 3.3 0.5 0.1 0.004

a Maximum 1 also contains 0.5% Ta and 0.03% Zr
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Results and Discussion

AGG Map of 244 Alloy

Initially, AGGwas observed upon sub-solvus annealing of a 9.5 mm (3/8′′) diameter
hot-rolled bar that was rolled from 1204 °C (2200 °F) across multiple roll stands
to a total of 80% reduction. Sub-solvus annealing of bar samples at 1066 °C (1950
°F) for 30 min resulted in typical features shown in Fig. 1: large overgrown, heavily
twinned grains featuring intra-granular precipitates whose distribution appears to
be similar to that in the adjacent fine-grained matrix of ASTM 10–12 grain size.
The bright specks in this backscattered electron (BSE) image are Mo- and W-rich
precipitates, believed to be μ phase. Note that these precipitates largely reside in the
grain boundaries in the fine-grained matrix.

Note also that the solvus temperature of these precipitates in 244 alloy is approx-
imately 1121 °C (2050 °F). While significant grain growth ensued at the higher,
commercially relevant, annealing temperatures of 2050 °F and above, no abnormally
large grains were observed upon super-solvus annealing of this particular material,
as well as many other products.

The microstructure shown in Fig. 1 is characteristic of this type of AGG and
was also encountered in other product forms of this alloy at similar higher levels of
work. However, AGG was not encountered when annealing material that was warm-
worked or only partially recrystallized as a result of hot working. The contrasting
as-hot-worked microstructures of these two conditions are shown in Fig. 2.

Fig. 1 Overgrown grains (red circle) in a hot rolled and subsequently sub-solvus annealed bar of
HAYNES 244 alloy. The bright specks are Mo- and W-rich precipitates. SEM BSE micrograph
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Fig. 2 Micrographs of as-hot-rolled microstructures of 244 alloy bar products after 40% reduction
(left, no AGG upon sub-solvus annealing) and 80% reduction (right, same condition as Fig. 1 where
AGG was encountered during sub-solvus annealing). Both micrographs have 100× magnification

These findings led us to suspect that the (meta) dynamically recrystallized grain
size (DRXGS)might be a key factor for triggering AGG. Additionally, the annealing
temperature relative to the solvus temperature ofμ phase was surmised to be another
key factor in this alloy. Accordingly, the AGGmap depicted in Fig. 3 was constructed
based on the experimental evidence.

AGG Map of 244 Alloy Products (tann < 1 h)
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0.500” dia. hot-rolled bar 

1.000” dia. hot-rolled bar 

2.187” hot-rolled gothic
(surface GS 9, center GS 7)

2050oF
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1850           1900            1950            2000                                 2100

0.937” dia. hot-rolled bar 

0.750” high upset forged pancake 

Fig. 3 AGG map of hot-worked products of 244 alloy. The red symbols represent conditions
for which AGG was observed. Green symbols represent either a locked-in structure (sub-solvus
annealed below 2050 °F) or normal grain growth when super-solvus annealed (above 2050 °F)
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The conditions that triggered AGG upon annealing are delineated by the red box.
Inspection of the microstructures of all the other sub-solvus annealed conditions
represented by the green symbols suggests that Zener pinning of the grain boundaries
was effective in preventing AGG. One important takeaway from this map is that only
sufficiently fine-grained and largely (if not fully) dynamically recrystallized hot-
worked structures seem prone to this type of AGG. Note that this map is relevant for
annealing times of less than one hour, commensurate with the section thicknesses
of the products studied. In fact, excessively long sub-solvus annealing times did
eventually trigger AGG in some of these products. While those annealing times
are not commercially relevant, this finding points at annealing time to be a third
dimension in the parameter space of AGGwith implications for the kinetics of AGG.

AGG Map of 233 Alloy

A similar mapwas generated for 233 alloy (Fig. 4), following the samemethodology,
albeit including a significantly greater number of products. The relevant secondary,
grain boundary pinning phase in this alloy are Cr- and Mo-rich secondary carbides
that go into the solution at around 2100 °F (1149 °C).

AGG Map of 233 Alloy (tann < 1 h)

-200              -150              -100              -50                  0                 50

10

8

7

6

5

Tann – Tsolv [oF]

0.700” dia. hot-rolled bar

2100oF

DRX GS

1900              1950            2000            2050                                 2150

0.800” dia. hot-rolled bar

1.400” dia. hot-rolled bar

2.000” dia. hot-rolled bar

2.600” dia. hot-rolled bar lot 1

extruded tube shell lot 1

2.600” dia. hot-rolled bar lot 2

1.600” dia. hot-rolled bar 

0.560” dia. hot-rolled bar

0.375” dia. hot-rolled bar lot 2

9

11
0.375” dia. hot-rolled bar lot 1 

rolled ring

0.180” thick hot-rolled feedstock

0.240” thick hot-rolled feedstock

1” thick hot-rolled plate

extruded tube shell lot 2

Fig. 4 AGGmap of 233 alloy. The red symbols represent conditions for which AGGwas observed.
Green symbols reflect conditions under which AGG was not encountered
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As was the case for 244 alloy, a sufficiently fine (meta) dynamically recrystallized
grain size seems to be one of the prerequisites for AGG to occur. However, the
delineation of the AGG-prone region in 233 alloy is less obvious, as indicated by
the coexistence of normal grain growth and AGG within the red box. This finding
led to a rigorous scrutiny of the corresponding microstructures. It was discovered
that several of the green symbols (corresponding to normal grain growth) within the
AGG-prone region representmicrostructures featuring largely clean grain boundaries
that had apparently broken away from the precipitates during annealing, as shown
illustratively in Fig. 5. This type of microstructure was not encountered in any of the
studied (albeit more limited in number) 244 alloy products. At present, it is not clear
what might have triggered this distinctly different annealing response.

However, some of the microstructures (e.g., the 0.240′′ thick hot-rolled feedstock
in Fig. 4) did feature fine grains pinned by secondary carbides and, yet appeared
to be stable, at least within one hour of annealing. Upon closer inspection of the
0.240′′ feedstock, numerous features were identified that might act as nuclei for
large overgrown grains, featuring twin boundaries and intra-granular precipitates as
shown in Fig. 6. Their characteristics were distinctly different from those of the
surrounding matrix where grain boundaries were still pinned by precipitates.

Fig. 5 Microstructure of a 2′′ diameter 233 alloy bar sample annealed at 2000°F (1093 °C) for
30 min in the AGG-prone region. AGG was not observed. Note that the grain boundaries are not
pinned by secondary carbides—the latter delineate prior grain boundaries as shown in the red circle
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Fig. 6 Microstructure of 0.240′′ thick hot-rolled 233 alloy feedstock that was annealed at 2025 °F
(1107 °C) for 1 h in the AGG-prone region. No AGGwas encountered. However, numerous features
that might represent AGG nuclei (one is encircled) were observed

After three hours of annealing, samples from the same 0.240′′ feedstock exhibited
massiveAGG as shown in Fig. 7. However, not all of these potential nuclei resulted in
abnormally large grains since their density appears to be orders of magnitude higher
than that of the actual abnormally large grains found after three hours of sub-solvus
annealing.

These observations suggest that grain boundary mobility, allowing for sustained
unabated grain growth, might be an important factor. To gain further insight, samples
from the 0.180′′ thick hot-rolled feedstock were subjected to sub-solvus annealing at
various temperatures and staggered annealing times; in 15 min increments. The data
in Table 2 provides strong evidence for a temperature-dependent, thermally-activated
incubation period.

Note that experimental evidence for the potential AGG nuclei shown in Fig. 6
could be established at all studied annealing temperatures within the first 15 min
of annealing, suggesting that it is the formation of certain high-mobility grain
boundaries that triggers AGG.

While our studies have provided additional insights into this type of AGG in the
presence of a grain boundary pinning phase, identifying the particular processing
paths that trigger AGG upon sub-solvus annealing remains challenging. Still, it is
expected thatAGGmaps such as those presented in Figs. 3 and 4 havemerit since they
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Fig. 7 Microstructure of 0.240′′ thick hot-rolled 233 alloy feedstock that was annealed at 2025°F
(1107 °C) for 3 h in the AGG-prone region. Massive AGG was encountered

Table 2 Incubation time for
massive AGG encountered
upon sub-solvus annealing of
0.180′′ thick hot-rolled
feedstock of 233 alloy

Annealing temperature [°F (°C)] Incubation time [min]

1950 (1066) 135

2000 (1093) 60

2025 (1107) 30

allow for an engineering risk assessment of the impacts on quality, yield, and cost.
State-of-the-art computational tools such asDEFORM® coupledwithmicrostructure
evolution models can provide an assessment of the location-specific as-hot-worked
(forged, rolled, extruded …) structure—a key input for the proposed AGG maps.

The main limitations of this method are: (a) the maps appear to be alloy-specific,
and (b) the map is empirical, thus requiring a significant amount of experimental
data to generate sufficiently accurate regime boundaries.

Summary and Conclusions

1. The occurrence of abnormal grain growth (AGG) upon sub-solvus annealing of
certain hot–worked structures was studied in two very different cast and wrought
Ni-base superalloys.
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2. The defining features of AGG in these alloys were very large overgrown, heavily
twinned grains.

3. Compelling experimental evidence for a thermally-activated incubation period
for AGG is provided, the conjecture being that AGG is triggered by the formation
of certain high-mobility grain boundaries in the course of the incubation period.

4. For engineering purposes, the findings were presented in the form of alloy-
specific AGGmaps, (meta) dynamically recrystallized grain size and sub-solvus
annealing temperature being the key inputs. A third dimension, annealing time,
needs to be considered in the context of the temperature-dependent incubation
period.

Acknowledgements The authors are grateful to the Haynes International Research & Technology
staff. HAYNES and 244 are registered trademarks of Haynes International, and 233 is a trademark
of Haynes International, Inc. DEFORM is a trademark of Scientific Forming Technologies Corp.,
Columbus, OH.

References

1. Uginet JF, Pieraggi B (1997) Study of secondary grain growth on 718 alloy. Proc. Intl. Symp. on
Superalloys 718, 625, 706 and Various Derivatives, ed. E. A. Loria, (TMS/1997), p. 343–352.

2. Huron H, Srivatsa S, Raymond E (2000), Control of grain size via forging strain rate limits for
R’88DT. Proc. 9th Intl. Symp. Superalloys, eds. T. M. Pollock et al., (TMS/2000), p. 49–58.

3. Cho YK, Yoon DY, Henry MF (2001), The Effects of Deformation and Pre-Heat-Treatment on
Abnormal Grain Growth in RENE 88 Superalloy. Met. Mat. Trans. 32A: 3077–3090.

4. Whitis DD (2004), Recovery and Recrystallization after critical strain in the nickel-based
superalloyRENE88DT.Proc. 10th Intl. Symp. Superalloys, eds.K.A.Green et al. (TMS/2004),
p. 391–400.

5. Bozzolo N, Agnoli NA, Souai N, Bernacki M, Loge R (2013) Strain induced abnormal grain
growth in nickel base superalloys. 5th International Conference on Recrystallization and Grain
Growth, Sydney, 2013. https://doi.org/10.4028/www.scientific.net/MSF.753.321.

6. Magnoli A, Bernacki M, Loge R, Franchet JM, Laigo J, Bozzolo N (2015) Selective Growth
of Low Stored Energy Grains during δ Sub-Solvus Annealing in the Inconel 718 Nickel-Based
Superalloy. Met. Mat. Trans. A 46: 4405–4421.

7. Aoki C, Ueno T, Ohno T (2016) Influence of hot working conditions on grain growth behavior
of Alloy 718. Proc. 13th Intl. Symp. Superalloys, eds.M.Hardy et al., (TMS/2016), p. 609–617.

8. Miller VM, Johnson AE, Torbet CJ, Pollock TM (2016) Recrystalliztion and the Development
of Abnormally Large Grains after Small Strain Deformation in a Polycrystalline Nickel-Based
Superalloy. Met. Mat. Trans. 47A: 1566–1574.

9. Parr IMD, Jackson TJ, HardyMC, Child DJ, Argyrakis C, Severs K, Saraf V, Stumpf JM (2016)
Inhomogeneous grain coarsening behavior in supersolvus heat treated nickel-based superalloy
RR1000. Proc. 13th Intl. Symp. Superalloys, eds. M. Hardy et al., (TMS/2016), p. 447–456.

10. Charpagne M-A, Franchet J-M, Bozzolo N (2018) Overgrown grains appearing during sub-
solvus heat treatment in a polycrystalline γ-γ ′ Nickel-base superalloy. Materials and Design
144: 353–360.

11. Wang X, Huang Z, Cai B, Zhou N, Magdysyuk O, Gao Y, Srivatsa S, Tan L, Jiang J (2019)
Formation mechanism of abnormally large grains in a polycrystalline nickel-based superalloy
during heat treatment processing. Acta Mat. 168: 287–298.

https://doi.org/10.4028/www.scientific.net/MSF.753.321


116 M. G. Fahrmann and D. A. Metzler

12. Fahrmann MG and Metzler DA, (2020) Abnormal Grain Growth in the Presence of Grain
Boundary Pinning Precipitates. Proc. 14th Intl. Symp. Superalloys, eds. S. Tin et al.,
(TMS/2020), p. 519–532.

13. Fahrmann MG, Srivastava SK, Pike LM (2012) Development of a new 760 °C (1400 °F)
capable low thermal expansion alloy. Proc. 12th Intl. Symp. Superalloys, eds. E. S. Huron
et al., (TMS/2012) p. 769–777.

14. Pike L, Srivastava K, Foresythe A (2019) A New Alumina Forming Ni-Co-Cr Base Alloy for
Service in Gas Turbine Engine Combustors and Other High Temperature Applications, https://
doi.org/10.1007/s11665-019-03950-2.

https://doi.org/10.1007/s11665-019-03950-2


Alloy Design and Development of a Novel
Ni-Co-Based Superalloy GH4251
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Abstract The need to develop new high-temperature materials has increased signif-
icantly in the last decade owing to the demand of higher engine operating tempera-
ture. This demand has motivated the development of a new Ni-Co-based superalloy
GH4251 with service temperature up to 700–800 °C. Based on disk alloy U720Li,
the GH4251 alloy is designed by adjusting the content of Co, Cr, Ti, Nb, and other
elements. On the one hand, by increasing the Co content to 25 wt. %, the stacking
fault energy is effectively reduced, which makes it easy to form nano-twins and
other substructures that strengthening the alloy together with γ′ precipitates. The
yield strengths of the newly designed alloy can achieve 1100 MPa at 750 °C and the
creep-rupture life is more than 500 h at 750 °C under 530 MPa with fine grain size
(ASTM 8), which is superior to U720Li. On the other hand, a certain Nb element
is added to replace Ti element, which can reduce the γ′solvus temperature and its
precipitating dynamics, along with a changed thermal deformation behavior caused
by lower stacking fault energy, leading to a significant better hot work ability and
weld ability compared with U720Li. Besides being used as disk or ring forgings, this
novel GH4251 alloy can also be well processed by additive manufacturing due to its
low cracking tendency.
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Introduction

Ni-based superalloys have been developed for wide use in critical components of
aircraft engines, such as turbine disks and blades. Currently, higher requirements
are put forward on the mechanical properties, temperature-bearing capacity, and
processing properties of Ni-based superalloys. In general, strengthening methods,
such as grain boundary hardening [1], solid-solution hardening [2], and precipitation
hardening [3], are conventionally employed to improve the mechanical properties
and temperature-bearing capacity of Ni-based superalloys. However, these strength-
ening methods inevitably sacrifice the processing properties due to the increased
strengthening effects in the temperature range of processing. Therefore, additional
strengthening mechanisms are required to improve the mechanical properties of
Ni-based superalloys without compromising the processing properties.

Over the past few years, nanotwin strengthening has been proposed to improve the
mechanical properties of materials due to their unique interaction with dislocations
during plastic deformation [4, 5]. Moreover, the high thermal/mechanical stabilities
of twin boundaries due to their intrinsic low-energy state enable the advantages for
high-temperature applications [6]. For superalloys with low stacking fault energy
(SFE), nanotwins are often observed when they are plastically deformed at inter-
mediate temperature. Furthermore, the introduction of high-density nanotwins into
grains can effectively enhance both yield strength and creep resistance at interme-
diate temperature without sacrificing other mechanical properties including low-
cycle fatigue, crack growth, and hot workability [7, 8]. The results shed light on
enhancing the mechanical properties and temperature-bearing capacity of Ni-based
superalloys via nanotwinning rather than adding solid-solution atoms or increasing
the volume fraction of γ′ particles.

Based on these advantages of nanotwin substructure, a novel Ni-Co based super-
alloy, named GH4251 alloy, with favorable mechanical properties and processing
properties used for turbine disks, turbine blades, and receivers has been designed. The
chemical compositions of GH4251 and two typical superlloys U720Li and TMW-4
are shown in Table 1. GH4251 alloy contains 25 wt.% Co content and 8.0 wt.% Al
+ Ti + Nb + Ta content. In the newly designed GH4251 superalloy, increasing Co
content can reduceSFEand thus promotes the twinning ability;meanwhile, addingAl
+ Ti content ensures moderate volume fraction of γ′ particles; furthermore, adding
Nb content reduces the precipitation rate of γ′ particles which widens processing
time.
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Materials and Experimental Procedures

Preparation of C&W GH4251

During a conventional casting and wroughting (C&W) process, the full-size disk,
which is 500 mm in diameter and 65 mm in thickness, with an average grain size of
about 15 μm was successfully fabricated using GH4251 alloy. Samples were taken
in tangential direction from the center to 1/2 of the disk rim, and the specimens
were solid solution treated at 1080 °C for 4 h, then air cooled to room temperature,
followed by two-stage aging treatment at 650 °C/24 h/AC and 760 °C/16 h/AC.

Preparation of C&W U720Li and TMW-4M3

The pancakes of U720Li and TMW-4M3 were produced by a conventional C&W
processing route including triple melting, billet making, and pancake forging. The
specimens usedwere cut from the pancakes and thenwere heat treated in the standard
heat-treated condition (1100 °C/4 h followed by oil quench(OQ) and then aging at
650 °C/24 h/OQ + 760 °C/16 h/OQ).

Preparation of SLM-Processed GH4251

SLM-processed specimens were manufactured by FS301M (Fasoon Technologies)
laser-selectivemelting and forming equipment. The scanning powerwas 200–260W,
and the scanning speedwas 1100–1400mm/s. Hot isostatic pressing (HIP), including
a heat preservation at 1200 °C/140 MPa for 4 h and then cooling in furnace,
followed by solution treatment 1070 °C/4 h/AC and then two-step aging treatments
at 760 °C/16 h/AC.

Mechanical Tests

The tensile test specimen with the size of �5 × 27 mm was prepared by slow wire
cutting and mechanical polishing. Then tensile tests were performed according to
ASTME8/E21 standard test methods. The stress rupture specimenwith the geometry
of �5 × 27 mm was tested at various temperatures and stresses to rupture.
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Microstructure Characterization

For Optical Microscope (OM), the mechanically polished specimens were etched
in a solution consisting of CuCl2 (5 g) + HCl (25 ml) + ethanol (25 ml) at room
temperature for 2–3 min. For electron backscatter diffraction (EBSD) analysis, the
specimenswere sliced,mechanically polished, and then electro-polished in a solution
with 80%methanol and 20%H2SO4 at 20 V for 5–8 s. The specimens for SEMwere
prepared by the electron-polishing and then electro-chemically etched in a solution
(15 g Cr2O3 + 10 ml H2SO4 + 150 ml H3PO4) at 4.5 V for 4–6 s.

Results and Discussion

C&W GH4251

GH4251 alloy is provided with considerable hot workability and weldability due to
its intrinsic component characteristics mentioned above. When compared to U720Li
alloy, it is can be found that GH4251 exhibits much better hot plasticity in the
temperature range of 1000–1200 °C, shown in Fig. 1. This is mainly attributed to
two factors. On the one hand, replacing TiwithNb can reduce the precipitation rate of
γ′ particles which widens processing time. On the other hand, increased Co content
can promote the formation of twin boundaries, which provide nucleation sites for
recrystallized grains and facilitate the dynamic recrystallization softening.

Fig. 1 Comparison of the
elongation at various
temperatures of GH4251 and
U720Li alloys
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Fig. 2 Typical microstructures of specimen after solution and aging treatments, a OM image; b
morphology of γ′ particles

Microstructures

Figure 2 shows the microstructure of the GH4251 alloy after solution and aging
treatment. The microstructure consists of equiaxed grains with an average size of
about 15 μm (Fig. 2a). The primary γ′ particles with a size of 200–500 μm are
mainly distributed at the grain boundaries, while the secondary (an average size
of 20–100 nm) and tertiary γ′ particles (an average size of 20 nm) are uniformly
distributed in the γmatrix (Fig. 2b). The total volume fraction of primary, secondary,
and tertiary γ′ particles is about 45%.

Tensile Properties

Figure 3 shows the tensile properties ofGH4251, TMW, andU720Li alloy at different
temperatures. Clearly, both the yield strength and ultimate strength of the three alloys
decrease with the increase in temperature. The results of tensile tests (Fig. 3a) show
that the yield strength of GH4251 is higher than that of both TMW-4M3 and U720Li
in the range of 25–750 °C, and the difference increases as the temperature increases.
The ultimate strength of GH4251 is comparable to that of TMW-4M3 in the range
of 25–750 °C, but higher than that of U720Li by about 10% (Fig. 3b).

Figure 4 shows the TEM images of GH4251 after tensile tests at different temper-
atures. At 25 °C, planar glide of dislocations is the dominant deformation mecha-
nism. A large number of dislocations are blocked at the γ/γ′ interfaces owing to the
coherency strain strengthening induced by the mismatch between the γ matrix and
γ′ particles (Fig. 4b). Some dislocations enter and entangle with each other in the
primary γ′ particles (Fig. 4a). Meanwhile, isolated stacking faults are generated in
the secondary γ′ particles (Fig. 4c) because stress concentration at the γ/γ′ interfaces
induced by themotion of dislocations reaches the critical value of twinning, resulting
in the dissociation of a/2 <110> dislocation into two a/6 <112> Shockley partials and
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Fig. 3 Tensile properties of GH4251, TMW [9] and U720Li [10] at different temperatures a yield
strength; b ultimate strength

thus the formation of stacking faults [11]. At 750 °C, stacking faults and microtwins
shearing both the γ′ particles and γ matrix is the dominant deformation mechanism.
A large number of stacking faults in the primary γ′ particles are observed, and the
stacking faults in different slip systems interact with each other, forming V-shape
structure (Fig. 4d). The length and thickness of the stacking faults increase when
compared with the deformation case at 25 °C, which indicates that SFE decreases
with the increasing temperature (Fig. 4e). As a consequence, the critical resolved
shear stress of dissociated dislocations shearing the γ′ particles decreases with the
increasing temperatures [12]. In addition, microtwins (MTs) have also been observed
(Fig. 4f). The formation of the MTs involves the dissociation of a/2 <110> dislo-
cations at the γ matrix and the reordering of atoms on the adjacent {111} planes
[13]. The reordering process is mediated by the exchange between the vacancies and
the atoms. Therefore, the reordering process can be accelerated with the increase in
temperature, promoting the formation of the MTs [14].

Stress Rupture Properties

Figure 5 shows the Larson-Miller comparison of stress rupture life for GH4251 alloy
with U720Li [15] and TWM-4 [15] alloys. It can be seen that GH4251 alloy achieves
a large temperature gain in both low and high stresses when compared with U720Li
alloy. And the performance of GH4251 alloy is comparable with TMW-4 alloy at
higher stress, while obtains a certain temperature gain at low-stress level.

High-density MTs are observed in the specimen after rupture at intermediate
temperature, as shown in Fig. 6, which indicates that micro twinning becomes the
dominantmechanism. TheMTs can increase the resistance of cross-slip and decrease
the average free path of the mobile dislocations and thus delay the primary and
secondary creep stages [16, 17], resulting in the improvement of the creep properties.
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Fig. 4 TEMimages of specimens tensiled at (a–d) 25 °Cand (e–f) 750 °C.ADislocations in primary
γ′ particles; b Dislocations around secondary γ′ particles; c Isolated stacking faults; d V-shape
stacking faults in γ′ particles; e Continuous stacking faults; f Stacking faults and microtwins

Fig. 5 Larson-Miller plot of
stress rupture life of GH4251
alloy in comparison with
reported U720Li and
TMW-4 alloys
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Fig. 6 TEM images of the specimen after stress ruptured at 750 °C/530 Mpa

SLM-Processed GH4251

Since the considerable processing properties of GH4251 alloy, such as hot work-
ability and weldability, it can be judged that the alloy also has excellent additive
process performance.

Printing Parameters

SLM-processed GH4251 were manufactured by FS301M (Fasoon Technologies)
laser-selective melting and forming equipment. The scanning power and scanning
speed are initially set as the range of 200–260W and 1100–1400 mm/s, respectively.
Figure 7 shows the ratio of defects (porosity, microcracks, and un-fusions) of the
SLM-processed GH4251 specimens under different scan powers and speeds. The
SLM-processed specimens maintain a low ratio of defect under various process
parameters due to the wide processing window of GH4251 alloy. When the scan
power is 200W and scan speed is 1100 mm/s, the defect ratio reduces to a minimum
of only 0.08%. Under the process parameter, microcracks, un-fusions, and porosity
rarely exist in the specimen (Fig. 8). Therefore, the scan power of 200 W and scan
speed of 1100 mm/s were determined to be the optimal printing parameters for
GH4251 alloy.

Microstructures

Figure 9a, b shows the OM images of the cross and vertical sections of SLM-
processed unpolished specimens after hot isostatic pressing (HIP) and solution treat-
ments (ST).No obvious cracks or poreswere observed on the surface of the specimen,
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Fig. 7 Ratio of defects of
the SLM-processed
specimens under different
scan powers and speeds

Fig. 8 Morphology of SLM-processed specimens at scanning power of 200W and scanning speed
of 1100 mm/s

indicating that the formation of pores and cracks is effectively suppressed. Figure 9c,
d shows the OM images of the cross and vertical sections of SLM-processed polished
specimens after HIP and ST. It can be seen that themicrostructures consisted of abun-
dant equiaxed grains, indicating that the specimens have been fully recrystallized and
the anisotropy has been significantly eliminated.

Figure 10a, b shows the EBSD images of the cross and vertical sections of SLM-
processed specimens after HIP and ST. The microstructures consisted of abundant
randomly oriented equiaxed grains at either section. The average size of the cross
and vertical sections is about 72 and 79 μm, respectively, resulting in comparable
mechanical properties in two orientations. Figure 10c, d shows the γ′ morphology of
the SLM-processed specimens after HIP and ST. The uniformly distributed primary
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Fig. 9 Microstructures of specimens after HIP and ST treatments a and c OM image of cross-
direction; b and d OM image of vertical-direction

and secondary γ′ particles are observed at the grain boundaries and in the γ matrix.
The primary γ′ particles with an average size of 1.5 μm in the γ matrix are nearly
spherical, and the one at the grain boundary is irregular in shape. The secondary and
tertiary γ′ particles are nearly spherical and the average size is about 54 and 15 nm.

Tensile Properties

Figure 11 shows the tensile properties in the range of 25–1000 °C of the specimens
in vertical section after HIP and ST treatments. It can be seen that the specimens
maintain high strength in the range of 25–1000 °C. When the temperature exceeds
900 °C, the strength of the specimens significantly decreases. Furthermore, the
SLM-processed specimens exhibit comparable mechanical properties in both cross
and vertical sections. And the yield and ultimate strengths of the SLM-processed
specimens are comparable to that of the C&W specimens at 25 and 750 °C.

Figure 12 shows the fracture morphology of specimens after tensile tests in
different directions at 800 °C. It can be seen that there is no obvious necking in
the fracture (Fig. 12a). Abundant cleavage facets and some secondary cracks along
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Fig. 10 Microstructures of specimens after HIP and ST treatments a EBSD image of cross-
direction; b EBSD image of vertical-direction; c, d Morphology of γ’ particles

Fig. 11 Tensile properties of specimens in vertical section after HIP and ST treatments

the grain boundaries are on the fracture surface (Fig. 12b). Also, intergranular cracks
are observed near the fracture of the specimen (Fig. 12c).



Alloy Design and Development of a Novel Ni-Co-Based Superalloy … 129

Fig. 12 SEMmicrograph of the fracture surfaces of the specimen in vertical section tested at 800 °C

Stress Rupture Properties

Figure 13 shows the stress rupture properties of specimens after HIP and ST treat-
ments at 700 °C/700 MPa in different directions. It illustrates that the stress rupture
life of the specimen in the vertical section is better than that of the cross one.

Figure 14 shows the fracture morphology of GH4251 alloy after stress ruptured
at 700 °C/700 MPa. Both transverse and vertical fractures have no obvious necking
(Fig. 14a and d), and cleavage facets, small equiaxial dimples and small irregular
dimples are observed on the fracture surface (Fig. 14b and e). Some secondary cracks
are formed in the surface of cross-sectional specimen, while intergranular cracking
is suppressed in the vertical-section specimen (Fig. 14c and f).

Fig. 13 Stress rupture properties of the specimens at 700 °C/700MPa in cross and vertical sections



130 H. Yu et al.

Fig. 14 SEM micrograph of the fracture surfaces of the specimens after stress ruptured
700 °C/700 MPa a cross section; b vertical section

Conclusion

A novel Ni-Co-based superalloy GH4251 with both favorable mechanical and
processing properties has been designed for applications in turbine disks, turbine
blades, and receivers. The newly designed superalloy was prepared by C&W and
SLM processes, respectively. The tensile and stress rupture tests at various condi-
tions were conducted. The evolution of microstructure is examined. The findings are
summarized as follows.

(1) The new alloy can achieve a yield strength of 1100 MPa at 750 °C and its creep
rupture life is more than 500 h at 750 °C under 530 MPa with fine grain size
(ASTM 8), superior to U720Li.

(2) The prominent deformation mechanisms at 750 °C include isolated stacking
faults shearing the primary γ′ particles and abundant continuous stacking faults
and microtwins cutting through both the secondary γ′ particles and γ matrix.

(3) The feature of high twinning ability sheds light on the applications of high-
strength sheet and fastener via the method of pre-set nanotwins structure.

(4) Besides being used as disk or ring forgings, this novel GH4251 alloy has a
significant better hot work ability and weld ability compared with U720Li and
can also be processed by additive manufacturing.

(5) The scan power 200 W of and scan speed 1100 mm/s of are determined as the
optimal printing parameters for SLM-processed GH4251 alloy.

(6) The SLM-processed GH4251 alloy has excellent tensile properties in the range
of 25–900 °C as well as good stress rupture properties at various conditions.
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Preferential γ′ Precipitation on Coherent
Annealing Twin Boundaries in Alloy 718

Semanti Mukhopadhyay, Fei Xue, Hariharan Sriram, Robert W. Hayes,
Emmanuelle A. Marquis, Yunzhi Wang, and Michael J. Mills

Abstract Early strain localization, parallel and adjacent to annealing twin bound-
aries (ATBs), has been reported in several superalloys. While strain localization
is generally attributed to local shear stresses developed near ATBs due to elastic
anisotropy, the role of local microstructural features near ATBs is unclear. Precipi-
tate free zones (PFZ) parallel to ATBs in a γ ′′–strengthened alloy 945X have been
reported andwere found to greatly influence strain localization in the alloy. However,
it is unclear if suchPFZs nearATBsoccur in other superalloys, potentially influencing
strain localization. The present work investigates local microstructures near ATBs
in a Ni-based superalloy—718, which is strengthened by both γ ′ and γ ′′ phases.
Based on characterization experiments, this paper reports that Alloy 718 shows a
high density of herringbone-like γ ′−γ ′′precipitates at ATBs. However, the ATBs
exhibit a much higher fraction of γ ′ (25.3 ± 2.8%) than γ ′′ (18.4 ± 2.4%), ulti-
mately causing the coprecipitate fraction at ATBs to be as high as 43%. A local HCP
phase at the ATBs within γ ′ precipitates exhibiting Nb segregation and Al depletion
is also reported. On the contrary, no appreciable change in the ATB composition was
observed within γ ′′. Finally, a novel mode of heterogeneous precipitation at ATBs
is proposed.
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Introduction

Most Ni-based alloys, including Ni-base superalloys, exhibit a very high density of
coherent annealing twin boundaries (ATBs) [1–4]. In fact, ATB densities as high as
0.2μm−1 have been reported for a Ni-base superalloy (Rene 88DT) with a grain size
of 20μmADDINZOTERO_TEMP. Such a high density would cause every grain in
the microstructure to exhibit at least one ATB. In addition, this high density of ATBs
maynow influencemanymaterial properties. SinceNi-base superalloys are utilized in
a high temperature and stress environment that is simultaneously severely oxidizing
and corrosive, the role of ATBs in such alloys has been extensively investigated.

ATBs have been reported to negatively influence strain localization under mono-
tonic as well as fatigue-loading, fatigue crack initiation, and hydrogen-assisted
cracking in Ni and Ni-base superalloys [3–22]. Conversely, ATBs are reported to
improve mechanical strength and the alloy’s response to stress corrosion cracking
(SCC) [23]. In addition, ATBs are also reported to impede crack propagation during
H-assisted tensile tests [24]. Furthermore, ATBs are shown to be highly resistant to
oxidation and are reported to cause added strengthening by acting as strong barriers
for dislocation motion [23, 25–27]. Thus, the ATBs exert a significant influence over
the mechanical properties of Ni-base superalloys, especially on crack nucleation and
propagation. This is particularly important because by causing strain localization,
crack initiation, and aiding in the propagation of cracks, ATBs might ultimately be
responsible for the premature failure of the superalloys during service.

Recently, Zhang et al. discovered that precipitate free zones (PFZs) adjacent and
parallel to ATBs in a γ ′′-strengthened (D022 crystal structure, Ni3Nb) Ni-base super-
alloy 945X caused ATB failure in this alloy [28]. Surprisingly, the alloy was reported
to exhibit PFZs adjacent to a modified arrangement of γ ′′ precipitates at its ATBs.
Further, such a weak PFZ parallel to a slip system was found to exacerbate intense
strain localization and cracking [28].

Subsequently, Zhang et al. suggested that the γ ′′ precipitate arrangement at the
ATBs was promoted by an energy benefit due to a “δ-like complexion” at the ATB
within the γ ′′ precipitates [28]. The δ-phase (D0a crystal structure, Ni3Nb) is a
thermodynamically stable phase in many Ni-base superalloys within the 718 family,
so the energy argument is potentially intuitive. However, it is not clear if the reported
complexion has a different chemical composition than the surrounding γ ′′. This
is important because an ATB in γ ’ with compositional variations would resemble
“local phase transformations” (or LPT), similar to a recently proposed strengthening
mechanism in superalloys [29–33]. On the contrary, in the absence of a difference in
chemical composition, the complexion is merely caused by the atomic arrangements
at the ATB. The ATB naturally causes a 3-layer local HCP stacking (ABA) in the
FCC system (ABCABC stacking). Now, consider such an ATB within an ordered
precipitate. Because the planes A, B, and C themselves have an ordered arrangement
of atoms, the expected HCP stacking at the ATB inherits this ordered arrangement.
Then, the atomic arrangement on this 3-layer ordered HCP stacking consists of



Preferential γ′ Precipitation on Coherent Annealing Twin Boundaries … 137

alternate layers of A and B atoms (from the coherent A3B-type ordered precipitate),
which implies that such a 3-layer stacking at the ATBs is not out of the ordinary.
In fact, this purported “δ-like complexion” is expected on the ATB in any ordered
precipitate. Whether this complexion, without a chemical driving force, truly has an
energetic advantage for every such system is questionable.

Since most Ni-, Fe-, and Co-based superalloys exhibit ordered precipitates, it is
unknown whether all these systems exhibit precipitates and subsequent PFZs near
their ATBs. Further, most of these alloys are strengthened by the coherent ordered
precipitate γ ′ with an L12 crystal structure: (Ni, Co)3(Al, Nb, Ti, W …). Thus, it
is presently unreported whether an LPT might promote a modified arrangement of
γ ′on ATBs.

Thus, this work characterized the microstructure of the important and widely
utilized Ni-base superalloy (Alloy 718) which is strengthened by both γ ′ and γ ′′
precipitates. Strain localization in this system has been reported undermonotonic and
fatigue conditions [7, 12, 34], which makes the investigation of its ATB microstruc-
ture crucial. For this investigation, a detailed characterization of the ATBmicrostruc-
ture was carried out for a commercially processed and aged 718 using scanning
transmission electron microscopy (STEM), electron dispersive X-ray spectroscopy
(EDS), and atom probe tomography (APT).

Methods

Materials and Heat Treatments

Chemical composition (in wt.%) of alloy 718 is listed in Table 1. The commercially
aged 718 sample was obtained from Metals Technology Inc., Northridge, CA. The
commercial processing of alloy 718 usually follows the ASTM standard B637-18
wherein the forget bars are solution treated and then subjected to a two-step age—first
at 720 °C for 8 h and then at 620 °C for a total aging time of 18 h [35].

STEM-based Imaging and Chemical Composition Mapping

To prepare samples for STEM investigations, first, the aged 718 sample was prepared
as per standardmetallographic techniques. Then, edge-onATBs (that could be viewed
along their common [011]twin zone axis) were selected in this sample using electron
backscatter diffraction (EBSD) in a ThermoFischer scientific Apreo High resolution

Table 1 Chemical composition of Alloy 718

Element Cr Mo Ti Al Fe Nb C Ni

Wt% 19 3.05 0.9 0.5 18.9 5.13 0.02 52.5
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SEM at 20 kV and 6.4 nA. The formulation below was used to accurately identify
grains of interest and prepared electron-transparent samples using a Thermo Fischer
Scientific Helios 600 Focused Ion Beam (FIB). For this purpose, a Pt cap was first
deposited to protect the region of interest using a Ga ion beam at 30 kV and 0.26 nA.
Then, a deep trench was created adjacent to the Pt cap at 30 kV and 21 nA. Following
this, the trenched foil was undercut at 2.6 nA and attached to a Cu Omniprobe grid.
The foil was then thinned at 30 kV using several ion beam currents and cleaned at
5 kV and 71 nA until the foil was electron transparent.

All STEM-based experiments, including energy dispersive X-ray spectroscopy
(EDS) were carried out at 300 kV in a Thermo Fischer Scientific Titan3 60–300
STEM with Super-X EDS detectors. A relatively high current of 1 nA was used for
efficient EDS map acquisitions, and 60 pA was used for imaging.

Identifying Grains of Interest for STEM-based Evaluation

Because most STEM-based microscopes allow a limited range of tilt, it was crucial
to prepare the FIB foil such that the ATBs could be investigated in an “edge-on”
configuration andwith favorable zone axes for high resolution imaging during STEM
experiments. To accurately identify grains of interest for this purpose, this study
considered the geometry of the sample as presented in Fig. 1. Here, it is assumed that
the ATB plane is (111)twin .But the ATB does not have to be edge-on when imaged
in the SEM or FIB. Then, because the STEM sample needs to be viewed along the
common zone axis [011]twin = [011]parent :intwin f rame, and the STEM sample plane
is perpendicular to the SEM imaging plane (beam directions in Fig. 1a), it follows
that [011]twin lies in the plane of the sample during SEM (or FIB) imaging.

Fig. 1 Selecting regions of interest for STEM imaging: aA 3D section containing two twin-related
domains, and b 2D section, as seen in an SEM from a containing two twin-related domains. Note
that the twin boundary makes an arbitrary angle w.r.t. the sample frame of reference
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Next, when imaging in the SEM, arbitrary miller indices are assigned to the plane
normal of the twin and parent domains [hkl] and [h′ k′ l′], respectively. Because
[011]twin lies in the sample plane,

[hkl] · [011] = 0 ⇒ l = −k

Further, coordinate transformations can be carried out to represent [h′ k′ l′] as per
the twin domain’s orthonormal bases so that both the twin-related domains may be
presented with respect to the same orthonormal bases. Thus

⎡
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This relationship can now help us identify grains of interest such that a FIB foil
lifted out would contain an edge-on ATB which can be imaged along the common
<011> zone axes. For example, suppose the twin normal= [hkl] = [100], according
to this formulation, the parent normal (in twin frame) = [h′ k′ l′] = [122]. However,
because of multiplicity, it follows that the parent normal (in the above case, where
twin normal belongs to the <100> family of directions), has to merely belong to the
family of directions <122>. Similarly, the above formulation may be used to identify
several other twin-related domains which will allow in an edge-on ATB along a
common <011> zone in the STEM sample.

Atom Probe Tomography

Site-specific APT specimens on twin boundaries were prepared using a standard lift-
out process with Thermo Fisher Helios 650 Nanolab dual SEM/FIB instrument. APT
acquisition was conducted using Cameca LEAP 5000 XR Atom Probe in laser mode
at 50 K, a pulse energy of 50 pJ, a dynamic pulse rate from 200 to 313 kHz to keep
a maximum mass to charge state ratio of 110 Da, and a dynamic detection rate from
0.5 to 1.5% with a constant areal evaporation rate. Datasets were analyzed using the
Cameca AP Suite 6.1 software. Reconstruction was based on voltage evolution using
the evaporation field of Ni (35 nm/V)with an image compression factor between 1.55
to 1.65 and a field factor kf from 3.3 to 4.2 to optimize the reconstructed microstruc-
ture close to TEM observation, e.g. straight twin boundary, similar precipitate size
and parallel {001} shared plane for γ ′/γ ′′ compact precipitates on each set of {001}
planes.
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Results and Discussion

Fraction of the Phases at the ATB

Figure 2 presents the ATB microstructures obtained in aged 718. Figure 2a shows
a STEM EDS map obtained from an edge-on ATB. Because the compositions of γ ′
and γ ′′ phases are quite different (γ ′ shows Al enrichment, while γ ′′ exhibits a much
higher Nb concentration), an EDS map showing a mix of Al and Nb concentration
can help identify or distinguish the three phases present (γ, γ ′, and γ ′′). Thus, in
Fig. 2a, regions in red indicate γ ′′ phase, while the green regions are γ ′ precipitates.

Based on this EDS map, the precipitate arrangement at the ATB appears to be
different from the bulk. If a line parallel to the ATB were constructed and moved
across this EDSmap, the line would exhibit the highest number of green pixels at the
ATB. Ultimately, this qualitatively shows that the ATB is more densely populated
with precipitates.

At a first glance, it appears that the γ ′ content at the ATB is much higher than γ ′′.
However, because this map was obtained along a [011] zone axis, two variants of γ ′′
(out of three) are inclined and not clearly visible in this map. In addition, because
STEM-based characterization samples all the precipitates through the thickness of
a FIB lamella, determination of accurate fraction of ATB phases is challenging. To
resolve this issue, this study investigated the ATB of the same alloy (aged 718) with
APT.

Figure 2b–d presents APT data from a {111}-type twin plane in the sample.
Note that precipitates from the bulk of the sample (or, non-ATB precipitates) were
removed so only the γ ′ and γ ′′ precipitates that intersect the ATB plane are visible.
The measured area fraction of γ ′in the ATB plane, i.e., the area of the plane occupied
by γ ′ precipitates, is 25.3 ± 2.8%, and that of γ ′′ is 18.4 ± 2.4%, with the overall
coprecipitate area fraction around 44%. In contrast, the bu”k volume fractions of

Fig. 2 ATB microstructures in aged alloy 718 investigated via a STEM EDS mapping, and b–d
APT. Note that b only presents the precipitates on the ATB plane to assist in easy visualization. a
Colors in STEM EDS mapping correspond as follows: Green indicates Al and Red indicates Nb.
This map shows a high precipitate fraction at ATB. b–d Red shows Nb 8.5 at.% isosurface, and
green presents Al 5.5 at.% isosurface on the ATB plane. No compositional differences were noted
for the ATB precipitates w.r.t. their bulk counterparts
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γ ′ and γ ′′ far away from the twin boundary were estimated to be 4.9 ± 0.2% and
10.4 ± 0.2%, with a total precipitate fraction of 15% and γ ′′/γ ′ ratio of 2.1. For the
bulk precipitate volume fraction estimation, three APT tips (with 74 M, 60 M, and
32 M ranged atoms for each) were prepared from three separate grains. Next, phase
compositions for the three phases—γ , γ ′, γ ′′, and tip compositions were measured
separately in each tip. Then, relative volume fractions were estimated for each tip by
applying the level rule between precipitate compositions and tip compositions. The
volume fractions and the γ ′′/γ ′ ratio estimated in the present work are in agreement
with previous reports on wrought 718 subjected to similar heat treatment— γ ′ and
γ ′′ volume fractions: 6.5 and 17.8%, respectively, with a γ ′′/γ ′ ratio of 2.74 [36].
Assuming that area and volume fractions are equivalent, per Underwood [37], 2.9
times higher precipitate volume fractions are observed at the ATBs with a 1.8 times
increase in γ ′′, and 5.2 times increase in γ ′ fraction. Therefore, while the volume
fraction of both the precipitates exhibits an increase at theATBs, the γ ′ phase exhibits
a significantly higher preference for ATB sites. In that sense, alloy 718 exhibits clear
preferential precipitation of γ ′ phase at all ATBs.

This is a surprising result because the coherent {111} � = 3 twin boundary
is a low energy boundary [38]. Thus, the energy minimization argument, which is
generally used to explain grain boundary precipitation, might not lead to a signif-
icant energy reduction. Furthermore, the energy minimization argument presumes
a complete consumption of the grain boundary (or fault) by the precipitate [39]. In
other words, heterogeneous nucleation of a grain boundary phase lowers the grain
boundary energy by consuming a part of it. However, in case of the ATB precip-
itates in the present work, as well as in Zhang et al. [28], the ATB itself is not
being consumed during the precipitation of γ ′ and γ ′′at the ATB. Since the ATBs
formduring the recovery/recrystallization/grain growth process of the heat treatment,
ATB formation can be assumed to precede γ ′ or γ ′′ precipitation. In this case, the
presence of ATBs within γ ′ and γ ′′ indicates that this ATB precipitation deviates
from the classical theory of heterogeneous nucleation [39].

Composition and Segregation to ATB

Next, chemical segregation to theATBwas characterized using STEMEDSmapping,
Fig. 3. For this purpose, a “through-thickness”γ ′ precipitatewas sampled to eliminate
any contribution to the acquired EDS data from an overlapping precipitate or γ

matrix. Again, amix ofAl andNb at.%mapswas used to delineate the three phases—
γ , γ ′, and γ ′′.

The composition profile across γ ′ATB in Fig. 3b indicates a 0.5 at.% segregation
of Nb, and a 0.4 at.% depletion of Al. Incidentally, no appreciable segregation or
depletion was measured at the γ ′′ATB. Thus, while the ATB in γ ′ shows a composi-
tional difference from its parent phase, the ATB in γ ′′ does not. In that case, the ATB
in γ ′ satisfies the commonly accepted definition of a phase—“a phase is the portion
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Fig. 3 STEM EDS data from a through-thickness γ ′ and γ ′′ precipitate at the ATB: a EDS map
showing Nb in red and Al in green, and b line profile along the black dashed line in a. Line profile
excludes other elements (Fe, Cr, Ni, Mo, and Ti) as no other peaks (>3σ) or valleys (<3σ) were
observed

of a system whose properties and composition are homogeneous, and which is phys-
ically distinct from other parts of the system” [40]. Following this definition, the
ATB within the γ ′ precipitate shows the compositional difference from the rest of γ ′
and is physically distinct from bulk γ ′ by virtue of its ABA stacking. Further, a bulk
phase with multiple layers of this ABA stacking, along with Nb segregation and Al
depletion would resemble a D019-type χ -phase. Because the properties of χ -phase
are expected to be different from γ ′, it follows that the 3-layer ATB within the γ ′
may also exhibit properties distinct from γ ′. Thus, the γ ′ATB in Fig. 3 may now be
regarded as a 3-layer “local” phase (or an LPT discussed previously). This finding is
similar to the LPT reported on the deformation microtwins in γ ′-strengthened alloys
like RRHT-5 etc. [29, 30]. Note that at present, it is not possible to conclusively
determine this 3-layer local phase at the γ ′ATBs. This is because the compositional
segregation and theABA stacking at the ATBs are consistent with three different bulk
phases—χ (D019, ABAB stacking), η (D024, ABACA stacking), and δ (D0a, ABA
stacking). More experiments are currently being carried out to resolve this issue and
will be communicated subsequently. Thus, for now, this study will refer to the local
3-layer phase at the γ ′ATBs as an ‘HCP-phase’ based on the HCP-like stacking ABA
at the ATB. Based on these results indicating a 520% increase in γ ′ area fraction at
the ATB as compared to the bulk, it is possible that the local ‘HCP-phase’ is respon-
sible for this increase. In that case, this work suggests that LPTs might influence γ ′
precipitation behavior at the ATBs.

The segregation along the γ ′ATB and increased γ ′ phase fraction at the boundary
potentially suggests that these compositional variations might precede γ ′ nucleation.
This is because once the local HCP phase forms at the ATB, it must reject Al onto
the bulk. Since Al is a strong γ ′ strengthener and partitioner, Al segregation adjacent
to the HCP phase might be expected to effectively cause some form of constitutional
undercooling for the γ ′ phase. In addition, the HCP phase may provide its inter-
face as sites for heterogeneous nucleation to decrease the HCPphase|γ interfacial
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energy. Thus, this study hypothesizes that the Al segregation and ready availability
of heterogeneous nucleation sites are responsible for the increased γ ′ precipitation
at the ATB. This same local HCP phase may not increase γ ′′ precipitation primarily
because of Nb segregation to this local phase. Because of Nb segregation to the 3-
layer HCP phase, its immediate surrounding may be expected to be depleted in Nb.
Such a decrease in Nb might not support γ ′′ phase precipitation adjacent to this HCP
phase.

Therefore, based on the higher volume fraction of γ ′and the ATB segregation, the
following sequence of events are proposed. First, as compositional fluctuations at
the ATB arise during the cooling step of the imposed heat treatment, some of these
compositional fluctuations resembling the HCP phase composition may reject Al to
their surroundings.Now,Al rejection aswell as the localHCPphase|γ interfacemight
enable heterogeneous γ ′ nucleation. In addition, some heterogeneous γ ′′ nucleation
might also be expected at this stage. As the phases grow, more γ ′′ is expected to
nucleate at the γ ′ | γ interface to reduce the interfacial energy of the system. This is
sequence of events also supports the observation of finer γ ′ and γ ′′ precipitates at the
ATB when compared with those in the bulk, as well as the overall herringbone-like
shape of the coprecipitates at the ATB.

Finally, it is qualitatively observed that alloy 718 exhibits a region of low precipi-
tate density parallel to its ATB (Fig. 2a). This decrease in precipitate density adjacent
to ATBs is presently the subject of quantitative study and will be communicated
subsequently. Such a region with lower precipitate density is likely caused by deple-
tion of solutes because of the preferential precipitation at the ATB. Because this
region is parallel to the ATB, and therefore, to a slip plane, it will allow easy acti-
vation of this particular slip system, contingent upon the Schmid factor. In addition,
elastic anisotropy which introduces additional local shear stresses near the ATB can
additionally favor slip parallel to theATB [7, 41]. Thus, the strain localization in alloy
718 parallel to ATBs might be further intensified by local microstructural features
and needs to be investigated in more detail.

Conclusions

The present work investigates the local ATB microstructures in aged alloy 718. The
purpose of this work was to study the precipitates present at the ATBs in this alloy
and to assess if a microstructural cause might exist for strain localization near ATBs.

1. Alloy 718 shows a high density of coprecipitates at its ATB in the aged condi-
tion. However, the γ ′′/γ ′ ratio is very different at the ATB than in bulk. ATBs
exhibit a much higher fraction of γ ′ (25%) than γ ′′ (18%), ultimately causing
the coprecipitate fraction at ATB to be around 43%.

2. The significant increase in γ ′ fraction at the ATB might be influenced by a local
HCP-phase formation at its ATB with Nb segregation and Al depletion. On the
contrary, no appreciable change in ATB composition was observed in γ ′′.
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Thus, this work reveals a novel case of preferential precipitation at all the coherent
ATBs in alloy 718. In addition, preliminary results suggest that denuded regions of
lower precipitate density might form adjacent to the ATBs which could affect strain
localization under external loading. However, the direct influence of preferential
precipitation on the mechanical behavior of alloy 718 remains unclear and must be
critically assessed.
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24. M. Seita, J. P. Hanson, S. Gradečak, and M. J. Demkowicz, “The dual role of coherent twin
boundaries in hydrogen embrittlement,” Nat. Commun., vol. 6, no. 1, Art. no. 1, Feb. 2015,
https://doi.org/10.1038/ncomms7164.

25. S. Yamaura, Y. Igarashi, S. Tsurekawa, and T. Watanabe, “Structure-dependent intergranular
oxidation in Ni–Fe polycrystalline alloy,” Acta Mater., vol. 47, no. 4, pp. 1163–1174, Mar.
1999, https://doi.org/10.1016/S1359-6454(99)00007-5.

26. F. Sansoz, H. Huang, and D. H. Warner, “An atomistic perspective on twinning phenomena
in nano-enhanced fcc metals,” JOM, vol. 60, no. 9, pp. 79–84, Sep. 2008, https://doi.org/10.
1007/s11837-008-0124-x.

27. L. C. Lim, “Slip-twin interactions in nickel at 573K at large strains,” Scr. Metall., vol. 18, no.
10, pp. 1139–1142, Oct. 1984, https://doi.org/10.1016/0036-9748(84)90194-7.

28. Z. Zhang, Z. Yang, S. Lu, A. Harte, R. Morana, and M. Preuss, “Strain localisation and failure
at twin-boundary complexions in nickel-based superalloys,” Nat. Commun., vol. 11, no. 1, Art.
no. 1, Sep. 2020, https://doi.org/10.1038/s41467-020-18641-z.

29. A. J. Egan et al., “Effect of Nb Alloying Addition on Local Phase Transformation at Microtwin
Boundaries in Nickel-Based Superalloys,” in Superalloys 2020, Cham, 2020, pp. 640–650,
https://doi.org/10.1007/978-3-030-51834-9_62.

30. A. J. Egan et al., “Local Phase Transformation Strengthening at Microtwin Boundaries in
Nickel-Based Superalloys,” Acta Mater., vol. 238, p. 118206, Oct. 2022, https://doi.org/10.
1016/j.actamat.2022.118206.

https://doi.org/10.1007/s11661-018-4858-y
https://doi.org/10.1007/s11837-016-2100-1
https://doi.org/10.1016/j.pmatsci.2022.101011
https://doi.org/10.1016/j.actamat.2004.05.031
https://doi.org/10.1038/ncomms7164
https://doi.org/10.1016/S1359-6454(99)00007-5
https://doi.org/10.1007/s11837-008-0124-x
https://doi.org/10.1016/0036-9748(84)90194-7
https://doi.org/10.1038/s41467-020-18641-z
https://doi.org/10.1007/978-3-030-51834-9_62
https://doi.org/10.1016/j.actamat.2022.118206


146 S. Mukhopadhyay et al.

31. T. M. Smith et al., “Utilizing local phase transformation strengthening for nickel-base super-
alloys,” Commun. Mater., vol. 2, no. 1, Art. no. 1, Oct. 2021, https://doi.org/10.1038/s43246-
021-00210-6.

32. T. M. Smith et al., “Phase transformation strengthening of high-temperature superalloys,” Nat.
Commun., vol. 7, no. 1, Art. no. 1, Nov. 2016, https://doi.org/10.1038/ncomms13434.

33. L. Feng et al., “Localized phase transformation at stacking faults and mechanism-based alloy
design,” Acta Mater., vol. 240, p. 118287, Nov. 2022, https://doi.org/10.1016/j.actamat.2022.
118287.

34. M. A. Charpagne et al., “Automated and quantitative analysis of plastic strain localization via
multi-modal data recombination,” Mater. Charact., vol. 163, p. 110245, 2020.

35. “Standard Specification for Precipitation-Hardening andColdWorkedNickelAlloyBars, Forg-
ings, and Forging Stock for Moderate or High Temperature Service.” https://www.astm.org/
b0637-18.html (accessed Sep. 21, 2022).

36. N. C. Ferreri, S. C. Vogel, and M. Knezevic, “Determining volume fractions of γ, γ′, γ′′, δ, and
MC-carbide phases in Inconel 718 as a function of its processing history using an advanced
neutron diffraction procedure,”Mater. Sci. Eng. A, vol. 781, p. 139228, Apr. 2020, https://doi.
org/10.1016/j.msea.2020.139228.

37. E. E. Underwood, “Stereology, or the quantitative evaluation of microstructures,” J. Microsc.,
vol. 89, no. 2, pp. 161–180, 1969, https://doi.org/10.1111/j.1365-2818.1969.tb00663.x.

38. J. Wang, N. Li, and A. Misra, “Structure and stability of �3 grain boundaries in face centered
cubic metals,” Philos. Mag., vol. 93, no. 4, pp. 315–327, Feb. 2013, https://doi.org/10.1080/
14786435.2012.716908.

39. J. W. Cahn, “The kinetics of grain boundary nucleated reactions,” Acta Metall., vol. 4, no. 5,
pp. 449–459, Sep. 1956, https://doi.org/10.1016/0001-6160(56)90041-4.

40. D. A. Porter, K. E. Easterling, and M. Y. Sherif, Phase Transformations in Metals and Alloys,
4th ed. Boca Raton: CRC Press, 2021. https://doi.org/10.1201/9781003011804.

41. P. Neumann and A. Tönnessen, “Crack Initiation at Grain Boundaries in F.C.C. Materials,” in
Strength of Metals and Alloys (ICSMA 8), P. O. Kettunen, T. K. Lepistö, and M. E. Lehtonen,
Eds. Oxford: Pergamon, 1989, pp. 743–748. https://doi.org/10.1016/B978-0-08-034804-9.501
16-9.

https://doi.org/10.1038/s43246-021-00210-6
https://doi.org/10.1038/ncomms13434
https://doi.org/10.1016/j.actamat.2022.118287
https://www.astm.org/b0637-18.html
https://doi.org/10.1016/j.msea.2020.139228
https://doi.org/10.1111/j.1365-2818.1969.tb00663.x
https://doi.org/10.1080/14786435.2012.716908
https://doi.org/10.1016/0001-6160(56)90041-4
https://doi.org/10.1201/9781003011804
https://doi.org/10.1016/B978-0-08-034804-9.50116-9


Tailoring the γ-γ′-γ′′ Dual Superlattice
Microstructure of INCONEL® 725
by High Temperature Aging and Nb/Ta
Additions for Superior Creep Properties

Stoichko Antonov, Chang-Yu Hung, Jeffrey A. Hawk, Paul D. Jablonski,
and Martin Detrois

Abstract Next-generation energy systems require superior resistance to creep defor-
mation due to the considerably prolonged exposure times at operating stress and
temperature. To improve the elevated temperature properties of INCONEL® 725
(IN725), a corrosion-resistant alloy, several variants with different Ti/Al ratios and
judicious amounts of Nb and Ta were made. Furthermore, a high temperature aging
(HTA) heat treatment, designed to promote favorable precipitate phase formation,
was explored. These adjustments allowed to tailor the amount and type of precip-
itate strengthening which led to significant increases in time to failure. The Ti/Al
ratio was used to favor the formation of γ′ or γ′′ precipitates. Compact morphology
precipitates, consisting of γ′ precipitates surrounded by a γ′′ shell, were formed in
alloys with a low Ti/Al ratio. The HTA increased the creep life of various alloy
formulations up to a maximum improvement of 371% as compared to the standard
aging heat treatment. The Nb and Ta additions had a similar effect on increasing
creep life by promoting and stabilizing γ′′ precipitation. The positive effect of the
additions was even more pronounced when coupled with the HTA. A phase stability
study with up to 10,000 h exposure at 700 °C revealed that the compact morphology
helped in slightly reducing coarsening of the γ′ precipitates, although the effect on
creepwas not significant. The findings of this study enable design of dual superlattice
alloys through microstructural engineering that yields superior performance and can
be applied to a wide range of alloys in the IN718 and derivatives family.
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Introduction

INCONEL® 725, i.e. IN725, is a derivative of INCONEL® 625 through the addition
of Ti with aim of promoting the formation of γ′ precipitates [1]. This precipitation
strengthened Ni-based superalloy has high strength and good corrosion resistance
[2], making it a material of choice for a wide variety of intermediate-temperature
applications, especially considering that it does not contain costly Co additions.
Interestingly, although IN625 was designed to be a solid-solution strengthened alloy,
subsequent investigations have conclusively shown the precipitation of the γ′′ phase
at temperatures <750 °C.As a result, the typicalmicrostructure of IN725 also consists
of a face-centered cubic (FCC) matrix with embedded γ′′ precipitates, however, the
Ti addition also promotes the formation of γ′ precipitates; the fraction of the two
secondary phases can vary depending on the employed heat treatment [3]. The γ′
precipitates are Ni3(Al, Ti) with ordered FCC L12 crystal structure, while the γ′′
phase is typically Ni3Nb and has an ordered tetragonal D022 crystal structure. Both
precipitates have solubility for elements such as Co, Cr, Nb, and Mo among others.
Generally, the γ′ phase is preferred for high temperature applications of Ni-based
alloys due to its higher solvus temperature and superior stability compared to that
of the γ′′ precipitates. However, the latter offers more potent strengthening due to
the high coherency stresses with the matrix, that can significantly extend the creep
life in temperature regimes where the γ′′ precipitates are stable. Of note, when co-
precipitated in a compact morphology, as reported by Cozar et al. [4, 5], the γ′′ shell
is thought to be beneficial in preventing significant coarsening of the γ′ precipitates
and further improve the mechanical properties of the alloy.

In addition to the γ′ and γ′′ phases, IN725 also contains carbides such as MC
(Ti/Nb rich), M23C6 (primarily Cr-rich), andM6C (Mo-rich) which are located along
the grain boundaries (GBs) [3]. Furthermore, η phase has been reported to form
at temperatures between 750 and 900 °C for times ranging from 10 to 100 h [6].
The η phase has an ordered hexagonal D024 crystal structure and a composition
consisting ofNi3Ti. Similar to δ phase precipitates, which have aD0a crystal structure
and a composition of Ni3Nb, the effect of η phase on the mechanical properties of
Ni-based superalloys has been the subject of numerous investigations. Small and
stable precipitates have been shown to be beneficial to alloy 718Plus by slowing
down fatigue crack growth rates [7], while unstable precipitates were found to be
detrimental to the creep performance of alloy 263 [8]. Small δ platelets are formed
in IN718 using a high temperature aging heat treatment [9]. Finally, η-Ni6AlNb and
the coexistence of δ and η phases have been reported in several alloys [10, 11].

Using IN725 in high-temperature applications would be very valuable to fully
utilize its superior corrosion resistance and relatively low cost. Particularly, alloys
capable of operating for extended times at temperature in demanding environments
are needed for next-generation land-based energy systems [12]. However, to date,
there have been very fewhigh-temperaturemechanical properties reported for IN725,
with most assessments being up to 550 °C or 650 °C [13, 14]. This investigation
explores the high-temperature creep properties of several variants of IN725 that
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were designed with several key parameters. The stability of the γ′ and γ′′ phases
was explored using changes from the nominal composition of IN725 according
to the Ti/Al ratio. Additions of Ta and Nb were chosen to promote the formation
of desirable phases and a high temperature aging heat treatment was designed to
increase the precipitation of those features. Compared to the baseline alloy tested at
700 °C/483 MPa, condition most representative of IN725, the creep life of the vari-
ants increased by up to 256%. The relationships between alloying, microstructural
formation and evolution, and creep properties are presented and discussed.

Methods

The alloys were developed starting from the composition of commercial IN725, as
described in Ref. [2]. A computational approach was utilized to obtain the targeted
compositions using Thermo-Calc with the TCNi8 database for phase formation and
JMatPro for kinetics. The baseline alloy, referred to as STD, consists of near-nominal
composition for IN725 with a Ti/Al ratio of 4.3 (calculated using at.% throughout
this study). A slightly higher Ta-containing version was made and named A. Then,
the Ti/Al ratio was systematically decreased from variants A to D with values equal
to 5.4, 1.3, 1.1, 0.7 in alloys A, B, C, and D, respectively. Finally, the amount of Nb
+ Ta was increased to 2.7 at.% in variants with the high and low Ti/Al ratio, namely
STD and D, to promote the formation of GB phases, such as δ phase precipitates,
according to plots from Ref. [11] or γ′′ precipitates within the matrix. Tantalum was
added to alloys STD and D to form alloys E1 and E, respectively. Similarly, Nb was
added to alloys STD and D to form alloys F2 and F, respectively.

High-purity, industry grade, stock materials were used to constitute the compo-
sitions of the alloys and form 8 kg cylindrical ingots measuring 75 mm in diameter
using vacuum induction melting (VIM). The charges were melted to a 50 °C super-
heat temperature under 200 Torr Ar partial pressure. Following solidification, ~5mm
thick sliceswere cut from the top of each ingot for chemistry analysis.Major elements
were determined using X-ray fluorescence (XRF) on a Rigaku ZSX Primus II while
C was determined using combustion analysis on LECO systems. The ingots were
homogenized in a vacuum heat treatment furnace under 50 Torr Ar partial pressure
and using Ar forced gas fan cooling. The heat treatment schedule was optimized
computationally for the alloys based on their chemistry and the ingot microstructure
to reduce the predicted residual elemental inhomogeneity to below 1% [15]. The
heat treatment cycle consisted of 1030 °C for 1 h, 1065 °C for 3 h, 1090 °C for 3 h,
1115 °C for 3 h, 1135 °C for 6 h, and 1150 °C for 72 h. Hot working consisted of
steps of forging followed by steps of hot rolling with reheat between each pass to
produce plates measuring 10 mm in thickness with an equiaxed grain structure. The
last reheat step was used as a solution heat treatment.

Two separate aging heat treatments were investigated. The first consists of the
standard aging heat treatment for IN725 and is referred to as standard aging (SA):
730 °C for 8 h followed by cooling to 620 °C at 1 °C/min and holding at 620 °C for
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8 h. The alternate aging heat treatment was designed to promote the formation of
precipitate phases at higher temperatures, and thereby, is referred to as high temper-
ature aging (HTA), described as follows: 800 °C for 20 h followed by cooling to
750 °C at 1 °C/min and holding at 750 °C for 8 h. The aging heat treatments were
performed in the vacuum heat treatment furnace under 50 Torr Ar partial pressure
and Ar forced gas fan cooling was performed at the end of the cycles. Specimens
characterized andmechanically tested received either the SA orHTAheat treatments.

Cylindrical creep test specimens were produced with 76 mm in overall length,
10 mm in overall diameter with ANSI 3/8 × 16 threaded ends, and a reduced
gage area. The reduced gage section measured 32 mm in length and 6.3 mm
in diameter. Creep screening was performed according to ASTM E139 standard
using a dead weight creep frame [16]. Four conditions were selected for constant
load creep testing: 700 °C/483 MPa, 727 °C/414 MPa, 750 °C/345 MPa, and
790 °C/207 MPa. Not every alloy was tested at each condition, but all alloys were
tested at 700 °C/483 MPa.

After standard metallographic sample preparation, observation of the microstruc-
tures was performed on a FEI Inspect F scanning electron microscope (SEM) in
backscatter electron mode and equipped with an Oxford Instrument X-Max energy
dispersive spectrometer (EDS) for phase characterization. Transmission electron
microscopy (TEM) samples were prepared by extracting ∅3 mm discs from as-aged
material and from the grip sections of post-creep specimens. Following grinding
on progressive grit papers to ~70 μm, the TEM blanks were thinned to electron
transparency using twin-jet polishing in a solution of 20% perchloric acid and 80%
ethanol at−16 °C and 18 V. A JEOL JEM 2100PLUS, operating at 200 kV, was used
for selected area diffraction (SAD) and bright field (BF), dark-field (DF) and high
resolution (HR) imaging.

Results

Alloy Chemistry

The measured chemistries of the alloys are listed in Table 1. The high Ti/Al ratio
alloys are STD, E1, F2, and A. Note: the Ti/Al ratio was lower in alloy STD likely
due to minor Al loss in the other alloys which occurred during melting. In this series,
the Ta content was increased to 3.6 wt.% in E1 and the Nb content was raised to
4.6 at.% in F with a sum Nb + Ta between 2.4 and 2.7 at.%. The Ti/Al ratio was
decreased from A to D with values equal to 5.4, 1.3, 1.1, and 0.7 in A, B, C, and D,
respectively. Finally, the low Ti/Al ratio series included alloy D and high-Ta variant
E with 3.5 wt.% Ta and high-Nb variant F with 4.5 wt.% Nb. The sum of Nb + Ta
is between 2.5 and 2.8 at.% for both alloys. Thus, this alloy series allows for the
investigation of the effect of the Ti/Al ratio and additions of Nb or Ta to alloys with
the highest and lowest Ti/Al ratios.
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Table 1 Composition of the alloys with Ni balanced fromXRF analysis (major elements), combus-
tion analysis (C), and addition to the melt (B) in wt.% except for the ratio Ti/Al and sum Nb + Ta
in at.%

Alloy Cr Mo Ti Al Nb Ta Fe Mn Si C B Ti/Al Nb
+
Ta

High Ti/Al Ratio

STD 21.2 7.1 1.82 0.24 3.4 0.2 3.9 0.04 0.02 0.039 0.003 4.3 1.8

E1 20.5 7.0 1.87 0.20 3.4 3.6 3.8 0.05 <0.01 0.049 0.003 5.4 2.7

F2 20.6 7.1 1.88 0.19 4.6 0.4 3.9 0.05 <0.01 0.049 0.003 5.6 2.4

Varying Ti/Al Ratio

A 21.2 7.1 1.84 0.19 3.4 0.4 3.9 0.05 0.01 0.040 0.003 5.4 1.8

B 21.2 7.1 1.41 0.60 3.4 0.4 3.9 0.04 0.02 0.039 0.003 1.3 1.9

C 21.2 7.1 1.30 0.68 3.4 0.4 3.9 0.05 0.01 0.040 0.003 1.1 1.9

Low Ti/Al Ratio

D 21.2 7.1 1.10 0.85 3.4 0.4 3.9 0.06 0.03 0.044 0.003 0.7 1.9

E 21.2 7.0 1.15 0.89 3.4 3.5 3.9 0.04 0.02 0.038 0.003 0.7 2.8

F 21.3 7.1 1.13 0.84 4.5 0.4 3.9 0.04 0.01 0.040 0.003 0.8 2.5

Microstructure

Analysis of the microstructure of the alloys following hot working and solution heat
treatment revealed equiaxed grain structures with similar grain sizes ranging from
42 to 47 μm. The grain size was calculated using the linear intersect technique [17]
with four regions considered, each used to perform four measurements. For each
alloy, half of the material received the SA aging heat treatment while the other half
received the HTA heat treatment. The microstructures observed using the SEM and
including GB regions are shown in Fig. 1. First, the microstructures following SA
(commercial heat treatment for IN725) revealed very fine precipitates that could
hardly be resolved with the SEM, as shown in the insets of Fig. 1. The GBs of alloy
F, however, contained larger precipitates when compared to alloys STD, D, and E.
Images for E1 and F2 are not available at the time of writing.

The microstructures of the alloys following the HTA heat treatment revealed
coarser precipitates. Particularly, a dense distribution of γ′ and/or γ′′ particles can
be resolved within the grain interior. Typically, the γ′ phase appears darker in Z-
contrast backscatter images due to the higher content of light-element Al, while
γ′′ appears bright from the Nb and other heavy refractory elements. Various GB
phases also formed. Dark, blocky precipitates were found in all alloys, and EDS
analysis performed on similar but overaged specimens (to enable coarsening and
more accurate EDS measurements) associated them with Cr-rich M23C6 carbides.
The small, blocky, and bright precipitates are likely M6C due to high Mo concentra-
tions and traces of Si [18]. This correlates well with other investigations of IN725
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Fig. 1 SEM images of the microstructure of alloy a STD, b E1, c F2, d D, e E and f F including
grain boundaries following the HTA heat treatment with insets for the SA heat treatment condition
for alloys STD, D, E, and F

[3]. Overall, no significant differences are noticeable between the alloys, particularly
STD, Fig. 1a, E1, b, F2, c and D, d. Alloys E, Fig. 1e and F, 1f, however, contained
discrete needle/rod-shaped precipitates consistent with δ or η phase and a primarily
Ni3(Nb, Ti) composition. Such precipitates were also found in STD and F2 to a lesser
extent. Additional details on the EDS analysis can be found in Ref. [19].

Higher resolution images of the γ/γ′ and/or γ′′ were taken using TEM and the
results for alloys STD, D, E, and F heat treated using either the SA or HTA are shown
in Fig. 2. In general, the microstructural components and morphology of each alloy
are the same between the two heat treatments, however, the size is much coarser
following HTA. The STD alloy formed mostly γ′′/γ′/γ′′ sandwich-type structures,
where the γ′′ formed on only two faces of the γ′ precipitates. Alloy D predominantly
formed γ′ precipitates. To better show the absence or presence of γ′′ in this alloy, DF
images using the shared γ′/γ′′ (100) reflections are shown in Fig. 2b and f. Interest-
ingly, a small fraction of γ′′ precipitates were observed for the SA condition, while
γ′′ was not observed at all post-HTA. Alloys E and F show similar microstructures
to each other following SA, Fig. 2c and d, respectively, and after HTA, Fig. 2g and
h, respectively, where the γ′/γ′′ precipitates exhibit compact morphologies in both
aging conditions. The major microstructural difference between the two alloys being
that alloy F has a slightly thicker and higher fraction of γ′′ precipitates, and that the
precipitates are significantly coarser after HTA compared to SA.

Themicrostructures of alloysE1 andF2 afterHTA (these alloyswere not subjected
to the SA) were also observed by TEM and representative microstructures are shown
in Fig. 3. The addition of Ta and Nb to E1 and F2, respectively, stabilized the γ′′
precipitates, such that a γ/γ′′ microstructure (with the absence of any γ′ precipitates)
formed. The two alloys exhibit similar γ/γ′′ microstructure with three variants of
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Fig. 2 TEM images of alloys a, e STD, b, f D, c, g E and d, h F for the γ′ and/or γ′′ precipitates
following the SA (a–d) or HTA (e–h) heat treatment. Note Images a, c, d, e, g, and h are BF, while
b and f are DF

rather coarse γ′′ precipitates. Figure 3c and d shows DF images of one of the γ′′
variants, obtained using the shared γ′/γ′′ (100) reflection. As can be seen, γ′ precip-
itates were not present, and the fraction of γ′′ precipitates tends to be higher in alloy
F, Fig. 3d. Such observations were performed at other locations and with the other
shared γ′/γ′′ reflections as tomore conclusively determine whether γ′ formed in these
alloys; it did not.

To better understand the formation and distribution of the γ′′ precipitates in some
of the alloys, HRTEM was performed. As shown in Fig. 2b and f, a small fraction
of γ′′ precipitates were observed only after SA in alloy D. The diffraction patterns
showed faint γ′′ reflections, even when such precipitates were not observed using DF
imaging. Figure 4a shows a HRTEM image of a γ′ precipitate in alloy D after SA
aging. Interestingly, 2–3 atomic layer thick γ′′ structure was observed on the faces
of the γ′ precipitate, and such a structure was observed on most of the γ′ precipitates
in this alloy. Figure 4b shows an HRTEM image of alloy F after HTA, where the
γ′/γ′′ compact structure was readily apparent in Fig. 2h. Indeed, the faces of the γ′
precipitates are entirely covered (edge-to-edge) with γ′′ that is tens of atomic layers
thick. Finally, an HRTEM image from a γ′′ precipitate in alloy E1 after HTA such as
the ones in Fig. 3a and c is shown in Fig. 4c. The γ′′ precipitate was not connected
to any other type of precipitate, and γ′ structure was not observed.

Creep Properties

The results from all performed creep tests are shown in the form of a Larson-Miller
parameter (LMP) plot in Fig. 5. The alloys were all tested at 700 °C and 483 MPa
in either SA or HTA heat treatment condition, at the exception of alloys E1 and
F2 only tested after HTA. Additional testing was performed at lower stresses for
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Fig. 3 TEM images of alloys a, c E1, and b, d F2, for the γ′′ precipitates following HTA heat
treatment, where a, b show BF images, and b, d show DF images at the same location
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Fig. 4 HRTEM images of the γ/γ′/γ′′ interfaces in alloys a D with the SA heat treatment, b F with
the HTA heat treatment and c E1 with the HTA heat treatment

alloy STD to form a curve for the baseline creep properties. The testing temperature
was raised for testing time constraints. From creep at 700 °C and 483 MPa, it is
shown that the LMP decreases from 21.69 to 21.31 with decreasing Ti/Al ratio from
alloy STD to D. However, using the HTA instead of the SA heat treatment increased
the LMP values to above those for alloy STD with SA. The best-performing alloys
were those with added Nb and Ta, namely E, F, E1 and F2, and with the HTA heat
treatment. Particularly, alloy E1 HTA outperformed all other alloys on the LMP plot
with additional testing performed to draw a fitting curve for comparison to alloy
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Fig. 5 Larson-Miller plot
for testing of the alloys under
four conditions and after the
SA or HTA heat treatment

STD SA and F2 HTA. The LMP increased by 0.54 at 700 °C/483 MPa and 0.25 at
790 °C/207 MPa from alloy STD SA to alloy E1 HTA.

Discussion

A series of alloys based on IN725 was designed with several aspects that led to
improvements in creep performance [20, 21]. The Ti/Al ratio was varied, additions
of Nb and/or Ta were considered, and a high temperature aging (HTA) heat treatment
was compared to the standard aging (SA) for IN725. From Fig. 5, the HTA combined
with Nb or Ta additions led to the best properties. The effect of each design attribute
is described in the following sections.

Effect of the Ti/Al Ratio

The Ti/Al ratio was decreased from alloys STD/A to D which led to changes in
the microstructural features of each variant. Minimal differences were found along
the GBs when comparing high Ti/Al ratio alloy STD and low Ti/Al ratio alloy D
following the HTA heat treatment, Fig. 1a and d, respectively. More of the elongated
δ/η platelets were found in alloy STD. A more significant microstructural difference
was observed within the grains. As shown in Figs. 2 and 3, the high Ti/Al ratio alloys
STD, E1, and F2 primarily contained γ′′ precipitates while the low Ti/Al ratio alloys
D, E, and F mostly contained γ′ precipitates surrounded by a varying fraction of γ′′
precipitates. Only alloy D after HTA contained just γ′ precipitates. The decrease in
the Ti/Al ratio consisted of a ~40% decrease in the Ti content and a ~4.5× increase
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Fig. 6 Creep strain as a
function of time for testing at
700 °C and 483 MPa for the
alloys with decreasing Ti/Al
ratio and following the SA
heat treatment. TEM images
of the precipitates in alloy
STD and D in the aged
condition are provided

in the Al content. Therefore, the decrease in the Ti/Al ratio stabilized the γ′-Ni3Al
precipitates over the γ′′-Ni3Nb particles.

The creep curves from testing of the alloys in the SA condition at 700 °C and
483 MPa are shown in Fig. 6 with the alloy Ti/Al ratio denoted for each curve. The
decrease in Ti/Al ratio correlatedwell with a decrease in creep life and ductility. Thus,
a 63% decrease in creep life and 81%decrease in elongation to failure weremeasured
from alloys A toD. Testing of the alloys in theHTA condition revealed a similar trend
with respect to creep ductility, as highlighted in Fig. 7 which shows the elongation
to failure as a function of time to failure. However, the creep lives of B HTA and
C HTA were greater than those for STD HTA, A HTA, and D HTA. Therefore, the
switch from predominant γ′′ to γ′ precipitate strengthening was associated with a
loss in creep ductility and creep life, the latter being more evident for the SA heat
treatment. The γ′′ phase is known to provide more potent strengthening due to the
high coherency stresses with the γ matrix. The effect of the HTA heat treatment is
further discussed in the next section.

Effect of the Aging Temperature

The HTA heat treatment had a pronounced effect on the microstructure of the alloys
when compared to the SA heat treatment. First, coarser precipitates were found along
the GBs which is shown in Fig. 1a, d, e, and f. The precipitation of secondary phases,
such as δ and/or η, was promoted as well. Second, the γ′ and/or γ′′ precipitates were
also coarser following HTA compared to SA, by comparing Fig. 2a-d to Fig. 2e-h.
That is, the higher temperature of the HTA heat treatment accelerated the kinetics of
phase formation. Furthermore, the first step of the HTA was not only higher than SA
(800 °C compared to 730 °C) but also longer (20 h compared to 8 h) which enabled
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Fig. 7 Elongation to failure as a function of creep life for testing at 700 °C and 483 MPa for the
alloys following the SA and HTA heat treatments with TEM images of the γ′/γ′′ precipitates taken
in the gage section

the coarsening of the various precipitate phases. Note: the solvus temperature of the
γ′′ phase was predicted from JMatPro to be between 820 °C and 860 °C depending
on the alloy formulation, therefore, the first step of the HTA was below the solvus
for γ′′ and mechanical testing was also performed at temperatures below the γ′′
solvus temperature. Secondary precipitation along the GBs has been the subject of
numerous studies on IN718, particularly regarding δ phase precipitates. Typically,
an additional step is used above the γ′′ solvus temperature to promote the formation
of δ precipitates [22]. With the highest temperature in the HTA heat treatment being
below the γ′′ solvus temperature, it is not surprising to see little to no precipitation of δ
phase (depending on the variant) in the aged conditionwhile fault-free γ′′ precipitates
are present in the microstructure. However, these γ′′ precipitates are expected to
transform (at least partially) to δ phase with fault accumulation during prolonged
creep exposure or aging.

The effect of the HTA on the creep performance of the alloys was considerable.
An overview is presented in Fig. 7 in which the alloys in the SA condition are
compared to those in the HTA condition. Furthermore, the alloys with the Nb/Ta
additions are also compared in the SA condition (SA + Nb/Ta) and HTA condition
(HTA + Nb/Ta). Significant increases in both creep life and elongation to failure
were measured between the SA and HTA heat treatments. Table 2 summarizes the
percent increase in creep life and creep ductility when using the HTA instead of the
SA heat treatment. The greatest improvements were measured for the alloys with the
Nb and Ta additions, particularly alloy E which showed a 371% increase in creep
life and 550% increase in creep ductility. Alloy STD SA, most representative of
IN725, showed a 40% increase in creep life and 53% increase in creep ductility if
the HTA heat treatment is used.With the HTA promoting precipitation strengthening
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Table 2 Percent increase in creep life and elongation to failure from the SA to the HTA heat
treatment for testing at 700 °C and 483 MPa

Alloy Ta (at.%) Nb (at.%) Ti/Al % increase in elongation to
failure

% increase in creep life

STD 0.04 1.77 4.3 53 40

A 0.10 1.74 5.4 25 33

B 0.10 1.81 1.3 56 122

C 0.11 1.81 1.1 130 178

D 0.10 1.80 0.7 235 189

E 0.95 1.82 0.7 550 371

F 0.10 2.39 0.8 264 153

as well as precipitation at the GBs, additional obstacles to dislocation motion were
formed which benefited the creep performance of the alloys. Furthermore, the right-
hand side of the figure shows TEM micrographs of the post-creep microstructures.
As can be seen, the γ′/γ′′ precipitates remained relatively constant and only slight
coarsening occurred compared to the aged conditions. Interestingly, alloy D HTA
which did not form γ′′ precipitates after aging, Fig. 2f, shows thin γ′′ precipitates at
the γ′ cube faces. These likely formed during the lower temperature creep exposure.
The precipitate stability in terms of size is deemed beneficial for long-term creep
exposures where precipitate coarsening typically leads to deterioration of the creep
resistance.

The Role of Nb and Ta Additions

Additions of Nb or Ta were made to high Ti/Al ratio alloy STD to form alloys E1
(Ta-rich variant) and F2 (Nb-rich variant) and to low Ti/Al ratio alloy D to form
alloys E (Ta-rich) and F (Nb-rich). The sum of Nb + Ta in alloys E1, F2, E, and F
was kept nominally constant at 2.7 at.%. Adding Ta or Nb to STD, Fig. 2e, resulted
in a greater density of γ′′ precipitates, as shown in alloy E1, Fig. 3a, and F2, Fig. 3b.
The addition of Nb was found more beneficial in promoting the formation of γ′′
which was expected considering the composition of the γ′′ phase, heavily comprised
of Nb. In the low Ti/Al ratio alloys, the additions also led to the precipitation of γ′′;
however, since these alloys contained a dense repartition of γ′ precipitates, the γ′′
phase formed at the γ/γ′ interfaces to form compact precipitates, Fig. 4b. It should be
noted that the effect of the additions was mostly concentrated within the grains for
the high Ti/Al ratio alloys which contained predominantly γ′′ precipitates while the
effect was more pronounced towards the GBs for the low Ti/Al ratio alloys, as shown
in Fig. 1e and f, where δ phase precipitates were present. With more γ′ present in the
low Ti/Al alloys, the Nb and Ta likely partitioned to the GB phases as opposed to γ′′
in the high Ti/Al alloys. Nevertheless, avoiding δ phase formation at the GBs in a γ′′
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containing alloy may be preferable according to recent findings from Nicolay et al.
[23] on IN718. The authors revealed improved mechanical properties by avoiding
the first step of the three-step heat treatment, thereby reducing δ formation at the GBs
and increasing the amount of γ′′ precipitates within the grains, since those phases
have similar compositions.

The Nb and Ta additions, as expected considering their impact on the microstruc-
ture of the alloys, were associated with significant improvements in the creep life
of the alloys particularly when combined with the HTA heat treatment, as shown in
Fig. 7. As such, the creep life of those alloys was between 409 and 690 h compared
to 194 h for STD (and 271 h in the HTA condition) and 80 h for D (231 h in the
HTA condition). The greater amount of precipitate strengthening was responsible
for decreases in the minimum creep rate, as described in Ref. [19].

Phase Stability

A phase stability study was performed on the alloys following the HTA heat treat-
ment. Specimens were exposed to 700 °C for times ranging from 500 to 10,000 h.
Figure 8 provides an overview of the results after 5,000 h exposure. The GB phases,
particularly δ-Ni3Nb (identified using TEM-EDS, not shown) which appear as bright
elongated platelets, coarsened when compared to the as-aged conditions of Fig. 1.
Interestingly, alloys STD, E1, F2, and D were found to evolve in a similar manner.
Alloy D did not contain as much δ precipitates compared to the other alloys. Alloys
E and F, however, revealed extensive formation and growth of the δ phase as well
as the formation of intragranular α-Cr precipitates, which appear black in the SEM
images of Fig. 8e and f. Such α-Cr precipitate formation has been associated with the
formation of intragranular δ-Ni3Nb in IN718, as the δ phase rejects Cr at longer expo-
sures and results in a local enrichment at the γ/δ interface [24]. Interestingly, in such
cases, α-Cr is observed at temperatures <650 °C, while σ phase is observed at higher
temperatures [25]. The stability range of the α-Cr precipitates in IN725 remains to
be explored further (work underway) as IN718 contains a significantly higher level
of Fe which would typically stabilize the σ phase. The lower Ti/Al ratio in alloys E
and F predominantly stabilized the γ′ as opposed to γ′′. In the high Ti/Al ratio alloys
E1 and F2, the γ′′ phase ties up elements prone to the formation of δ phase, such as
Nb. Therefore, formation of δ phase was retarded in those alloys. Eventually, δ forms
as shown in the inset of Fig. 8c after 10,000 h exposure at 700 °C. It is important to
note that γ′′ is metastable and eventually transforms into its stable δ form [26].

Higher resolution images of the γ/γ′/γ′′ microstructures of D, E, and F in the HTA
condition and after 10,000 h of exposure at 700 °C were taken using TEM and the
results are shown in Fig. 9. The [001]γ diffraction patterns of each condition show
distinct γ′′ reflections at differing intensities (D being the weakest, while F shows
strong intensity reflections). The shared (100) γ′/γ′′ reflections (in red circle) were
used for DF imaging and these images show that all three microstructures contain γ′
and γ′′ precipitates, where the γ′′ fraction increases in order of F > E > D. To confirm
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Fig. 8 SEM images of long-term exposure of alloy a STD, b E1, c F2, d D, e E, and f F at 700 °C
for 5,000 h following HTA with inset for alloy F2 following 10,000 h exposure

the presence of the γ′′ precipitates, intensity line profiles across the shown reflections
were measured, and the results are shown in Fig. 9e. Notice that although weak, there
is still a γ′′ signal for alloy D, whereas this phase was absent after HTA, as shown in
Fig. 2f, but present after creep at 700 °C and 483MPa, Fig. 7. This suggests that the γ′′
precipitates form during the 700 °C exposure at certain γ′ precipitate faces (and quite
often a γ′′ precipitate is sandwiched between two γ′ precipitates—the formation of
this configuration remains to be explored further). As part of the analysis, the mean
diameter of at least 40 γ′ precipitates after HTA and 10,000 h exposure was manually
measured, and the results are shown in Fig. 9d. The analysis shows that statistically,
the starting γ′ sizes are similar at ~45 nm (E having a slightly smaller average size
of ~40 nm) and after 10,000 h at 700 °C, the precipitates coarsen to similar levels of
~60 nm (D coarsening slightly more up to ~68 nm). This represents a 50% increase in
size after 10,000 h, which shows that these precipitates do not coarsen substantially
(in accordance also to the post-creep microstructures), especially considering that
60 nm is still a very fine precipitate size. The alloys with added Ta (E) and Nb (F) and
therefore a stronger compact structure (viz. thicker γ′′ precipitates) showed lower γ′
coarsening compared to alloy D.

Conclusions

Different alloy variants based on IN725 were designed with varying Ti/Al ratio, a
high temperature aging (HTA) heat treatment and additions of Ta or Nb to improve
the creep performance of the commercial alloy IN725. Compared to the baseline
alloy tested at 700 °C/483 MPa, condition most representative of IN725, the HTA
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Fig. 9 a–c γ/γ′/γ′′ microstructures and d coarsening behavior of the γ′ precipitates in alloys a D,
b E and c F following 700 °C exposure for 10,000 h after HTA heat treatment with corresponding
TEM BF, SAD and DF images. The DF images were produced with the reflections in red circles in
the SAD patterns, while the intensity profiles along the given lines are plotted in e

and Nb addition resulted in 111–123% improvement in creep life (depending on the
Ti/Al ratio), the HTA and Ta addition resulted in 138–256% improvement in creep
life. The following can be concluded:

1. The Ti/Al ratio controlled the stability of γ′ vs. γ′′ precipitates.While both phases
formed in each variant, a high Ti/Al ratio ~5 favored formation of predominantly
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γ′′ precipitates while a low Ti/Al ~1 favored formation of predominantly γ′
precipitates. The increase in Al was greater than the decrease in Ti. The creep
life and ductility were reduced with decreasing Ti/Al ratio in the SA condition.

2. The HTA promoted coarsening of the γ′/γ′′ precipitates as well as the formation
and growth of GB phases. The HTA led to significant increases in creep life and
ductility from the creation of additional obstacles for dislocation motion during
creep.

3. Compact precipitates were formed in the low Ti/Al ratio alloys consisting of
γ′ precipitates surrounded by a γ′′ shell. The faces of the γ′ precipitates were
entirely covered (edge-to-edge) with γ′′ that was a few to tens of atomic layers
thick in some alloys. The thickness of the γ′′ increased with the additions of Nb
or Ta.

4. The compact precipitates did not coarsen substantially after 10,000 h exposure
at 700 °C, or after creep at 700 °C/483 MPa, and remained below 70 nm in
equivalent diameter. The additions of Ta and Nb were associated with slightly
reduced γ′ coarsening likely due to a stronger compact structure (due to the
thicker γ′′ precipitates).

5. The long-term phase stability was impaired by the additions of Ta and Nb with
significant growth of δ precipitates, particularly in the low Ti/Al ratio alloys. In
the high Ti/Al ratio alloys, the growth of δ from the GBs was slowed down since
the Ta and Nb additions mostly contributed to the increase in γ′′ density within
the grains.
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Investigating Deformation Mechanisms
in a Creep-Deformed 718-Variant
Superalloy
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Abstract Improving the efficiency of a land-based industrial gas turbine ultimately
relies on novel alloy development for the turbine wheel. However, this alloy devel-
opment task is challenging because it necessitates higher temperature capabilities
along with phase stability during low cooling rate processing of a full-scale wheel.
These challenges make 718-based variant alloys an attractive choice because of their
superior thermal stability. However, to develop these novel alloys, their deformation
behavior must also be accounted for. Thus, in the present work, we investigate the
microstructure and creep deformation behavior of a novel 718-variant alloy. Detailed
microstructural characterization reveals that the phase fraction of the γ ′′ phase in the
variant alloy is much lower than 718. In addition, the presence of Mo causes detri-
mental grain boundary precipitation which leads to final failure during tensile creep
deformation. The variant alloy accumulates creep strain faster than 718, ultimately
fracturing at 0.6% strain. Finally, a detailed characterization of the deformed variant
alloy reveals extensive microtwinning.
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Introduction

The demand for higher efficiency of power generation is one of the major challenges
facing the world today. This is because higher efficiency translates into reduced fuel
consumption, cheaper power generation, and lower greenhouse gas emissions. Thus,
unsurprisingly, this has resulted in a worldwide push to improve the efficiency of all
the components involved in the power generation cycle.

A component of most power generation cycles is the industrial land-based gas
turbine. Improving the efficiency of such a land-based gas turbine necessitates novel
materials which can withstand higher operating temperatures. However, this alloy
design problem is further complicated by the size of the turbine wheels. Due to
their large sizes and variable thicknesses, full-scale turbine wheel forgings experi-
ence variable slow cooling rates, typically between 6 and 28 °C/min. Thus, the alloy
development of the novel turbine wheel materials must ensure phase stability during
slow cooling rates apart from addressing the challenge of higher operating temper-
atures. Recent work has suggested that, potentially, alloy 718 could be modified to
meet both these requirements [1, 2].

Alloy 718 is a Ni-based superalloy strengthened by two precipitate phases –γ ′
and γ ′′, in a Ni-solid solution matrix (γ ) [3]. The γ ′ precipitates are based on the
intermetallic phase Ni3Al, exhibiting an L12 crystal structure. Next, the γ ′′ phase,
which is the major strengthening phase in the alloy, exhibits a D022 crystal structure
with a structural formula–Ni3Nb. The γ ′ and γ ′′ precipitates often exist in a combined
morphology, or as “coprecipitates”, to minimize the overall interfacial energies of
the γ

∣
∣γ ′∣∣γ ′′ system [4, 5].

Many articles, old and new, have suggested that one such combined morphology,
known as the “compact” morphology, exhibits very high thermal stability [2, 5–
10]. Interestingly, the compact morphology is also reported to be highly stable in
a γ

∣
∣γ ′∣∣γ ′′ Al-Cu-Nb-Zr system [11]. In the compact morphology, γ ′′ discs coat all

the {001} faces of the γ ′ cuboids so that γ ′′ prevents coarsening of the γ ′ core [6].
In addition, the γ ′′ → δ transformation also becomes more sluggish, resulting in
superior phase and morphological stabilities at high temperatures [10, 12]. Thus,
their superior thermal stability makes these 718-variant alloys an interesting choice
for next-generation higher temperature wheels.

However, slow-cooled 718-variant alloys exhibit poor creep behavior when
compared to traditionally processed 718 [1, 12]. This outcome is nonintuitive because
the superior thermal resistance of compact coprecipitates in the variant alloys is
expected to improve their creep performance [13]. Instead, the variant alloys deform
with a faster rate of creep deformation and decreased rupture lives [1]. Note that
because the traditional processing of 718 involves oil quenching, the comparison
between traditionally processed 718 and the slow-cooled 718-variant alloys might
not be appropriate. This is because the much slower cooling rates imposed on the
variant alloys are expected to influence the microstructure, and therefore the creep
behavior of the alloy. However, currently, the creep behavior of slow-cooled 718
is not known. Further, it remains to be seen if the poor creep performance of the
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variant alloys is a result of a difference in the active deformation mechanisms, or
fully attributable to slow-cooling which will be shown to induce grain boundary
precipitates.

Thus, we investigated the microstructure and tensile creep deformation of a novel
718-based variant alloy. To increase γ ′′ phase fraction in the compact coprecipitate-
strengthened alloy, we designed its composition with much higher Nb and 0% Ti,
while alsomaintaining the (Al+Ti)/Nb ratio close to 1. Then,we compared the creep
behavior and deformation mechanisms of the developed variant alloy with tradition-
ally processed 718. For the current study, we subjected a slow-cooled variant alloy
and a traditionally processed alloy 718 to uniaxial tensile creep tests at 649 °C (1200
°-F) and 689 MPa (100 ksi). Then, we characterized the deformed microstructures
of the deformed variant alloy using various characterization techniques including
diffraction-contrast scanning transmission electron microscopy (DC-STEM).

Methods

Materials and Heat Treatments

The nominal compositions of alloy 718 and the variant alloy (718–50) are provided
in Table 1. Ingots of the variant alloywere vacuum inductionmelted and forged at GE
Global Research Center, NY. Samples of traditionally processed 718 were obtained
from Metals Technology Inc.

The “traditional” processing route for 718 involved a solution treatment above the
δ-solvus temperature followed by oil quenching. Following the solution treatment,
the sample was double-aged—first at 720 °C for 8 h, then cooled at 1.1 °C/min to
649 °C and aged for 8 h. The variant alloy was solution treated at 982 °C and cooled
at 6 °C/min to room temperature. After this solution treatment, the samples also
received a double-aging treatment—first at 720 °C for 8 h, slow cooled (1.1 °C/min)
to 649 °C, and aged for 14 h.

Table 1 Nominal composition of alloy 718 and the variant alloy used in this study

Alloy name Composition (Wt. %)

Ni Cr Fe Al Ti Nb Mo C

718 52.5 19 18.9 0.5 0.9 5.13 3.05 0.02

Variant alloy 54.4 17.3 17.5 1.9 – 6.2 2.8 0.02
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Creep Testing

Blanks for tensile creep testing at 649 °C (1200°F) and 689 MPa (100 ksi) were
machined from both the aged samples listed in Table 1. Detailed sample preparation
and test setup for creep testing are provided in Mukhopadhyay et al. [1].

Volume Fraction Measurement

Samples for microstructural analyses were prepared via standard metallographic
techniques and swab etched with a dilute γ ′ etchant. This dilute etchant was prepared
by mixing 50% (by volume) of glycerin with 50% of etching solution which
comprised of 60% (by volume) lactic acid, 37% nitric acid, and 3% hydrofluoric
acid.

Then, orientation mapping was carried out in a Thermo Fischer Scientific Apreo
ScanningElectronMicroscope (SEM)using electron backscatter diffraction (EBSD).
For this purpose, a voltage of 20 kV and a current of 6.4 nA were utilized. Orienta-
tion mapping allowed us to select appropriately oriented grains. From {001} oriented
grains, backscatter electron images were obtained at several magnifications. These
electron micrographs were used for overall coprecipitate volume fraction measure-
ments using theMIPAR™ software [14]. Note that this method only provides an esti-
mate of the overall γ ′|γ ′′ coprecipitate volume fraction because the etchant removes
both γ ′ and γ ′′ from the sample surface.

Scanning Transmission Electron Microscopy (STEM)

Regions of interest for detailed analyses were selected in both aged and creep-
deformed samples usingEBSDandprepared using aThermoFischer ScientificHelios
600 Focused Ion Beam (FIB). First, a Pt cap was deposited to protect the region of
interest using Ga ion beam at 30 kV and 0.26 nA. Then, a deep trench was created
at 30 kV and 21 nA. Following this, the trenched foil was undercut at 2.6 nA and
attached to a Cu omniprobe grid. The foil was then thinned at 30 kV using several
ion beam currents and cleaned at 5 kV and 71 nA until electron transparent.

All STEM-based experiments, including energy dispersive X-ray spectroscopy
(EDS) were carried out at 300 kV in a ThermoFischer Scientific Titan3 60–300
STEMwith super-X EDS detectors.While a current of 1 nAwas used to ensure suffi-
cient counts during EDS experiments, 60 pA was used for imaging and diffraction-
contrast STEM (or, DC-STEM) experiments. Detailed descriptions of the DC-STEM
technique are provided by Miao et al. [15] and Phillips et al. [16].
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Results and Discussion

Microstructure of the Developed Variant Alloy

Figure 1 shows an SEMmicrograph and a STEM-EDS map (inset) of the developed
“variant” alloy. Based on image analysis carried out on several SEMmicrographs, the
overall coprecipitate volume fraction was estimated to be about 28%. In addition,
the average diameter of the coprecipitates was estimated to be ~200 nm. These
measurements agree with further estimates carried out on STEM-EDS maps (for
example: in inset, Fig. 1). Because Al and Nb preferentially partition to γ ′ and γ ′′
phases, respectively, STEM EDS mapping can highlight two phases by showing
regions of high Al (γ ′) and high Nb (γ ′′). However, the mapping needs to be carried
out in accordance with orientation relationships between γ |γ ′|γ ′′. Thus, both the
EDSmap and the SEMmicrograph in Fig. 1 were obtained along a <001>-type zone
axis. Further, note that the coprecipitate morphology contains γ ′′ discs on all of its
{001}-type faces. However, a <001>-type zone axis contains only two of the γ ′′
variants in an edge-on condition. The third γ ′′ variant with disc axis pointing out (or
into) the plane of paper/screen, is expected to not be present in the FIB foil. This is
because the coprecipitate size is larger than the FIB foil thickness, implying that the
third variant must have been milled away during the thinning/cleaning steps involved
in a FIB foil preparation. This is further demonstrated by the lack of a high Nb region
almost in the middle of the γ ′ face in Fig. 1(inset). An absence of a high Nb region
in the middle of the γ ′ face demonstrates that the third variant of γ ′′ does not appear
in this FIB foil because although the third γ ′′ variant would not be viewed edge-on,
a faint high Nb region may still be expected in the EDS map.

As pointed out above, this variant alloy contains a coprecipitate volume fraction of
28%. Thus, on a first glance, the developed variant alloy appears to exhibit potential

Fig. 1 Microstructure of the developed alloy analyzed via a SEM and b STEM-EDS mapping. In
figure (b) the green color shows regions of Al segregation (γ ′ phase) and the red color shows the
regions of Nb segregation (γ ′′ phase)
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as a next-generation gas-turbine wheel material. However, a closer look shows that
even though the volume fraction of coprecipitates is comparable to 718, the γ ′′
phase fraction is very low. Note that the estimation of the volume fraction of γ ′′ is
difficult from either of the micrographs. First, in the SEM micrograph, the etching
process removes the γ ′′ phase either partially or entirely, making any phase-fraction
calculations impossible. Second, the EDSmap samples a very small region from one
grain of the alloy, and the map shows a projection through the thickness of the foil.
This makes such an estimation cumbersome and unreliable. However, because the
γ ′ and γ ′′ precipitates exist as compact coprecipitates, the phase fraction estimations
can be carried out easily based on the geometry of this morphology.

Based on the STEMEDSmap in Fig. 1(inset), the γ ′ precipitatemay be considered
a sphere with average diameter dγ ′ . The γ ′′ precipitates, on the other hand, are discs
with diameter dγ ′′ and thickness tγ ′′ . Thus, by definition, average coprecipitate size
is related to γ ′ diameter and γ ′′ thickness as dcoprecipi tate = dγ ′ + 2× tγ ′′ .

Now, consider a volume element such that 28% of its volume is occupied by an
average compact coprecipitate from this alloy. Because of the relatively large inter-
particle spacing in the alloy, such a volume element without any other partial or full
coprecipitate is realistic. In that case, average fraction γ ′′

γ ′ may be calculated as:

Volume Fractionγ ′′

Volume Fractionγ ′
= 6 × Average volume of one γ ′′ disc

Average volume of one γ ′ sphere

= 6 × π × (
dγ ′′
2 )2 × tγ ′′

4
3 × π × (

dγ ′
2 )3

= 9 × (dγ ′′)2 × tγ ′′

(dγ ′)3

In the variant alloy, dγ ′ = 130 ± 20 nm, dγ ′′ = 50 ± 10 nm, and tγ ′′ =
20 ± 40 nm. Thus, γ ′′

γ ′ = 0.2. Now, Volume Fractionγ ′′ + Volume Fractionγ ′ =
Total V olume f raction

Thus, Volume Fractionγ ′ = Total V olume f raction
1.2 = 23.3%, and

Volume Fractionγ ′′ = Total V olume f raction
6 = 4.7%

Thus, although the volume fraction of coprecipitates in the variant alloy is high, it
comprises less than 5% of γ ′′ phase. In contrast, 718 contains between 12 and 18%
γ ′′ with a γ ′′

γ ′ the ratio of ~3 [5].
Thus, the microstructural characterization reveals three major things about the

variant alloy. First, average compact coprecipitates are larger in size than monolithic,
duplex or triplex coprecipitates in 718 [5], and second, the volume fraction of the
major strengthening phase (γ ′′) is atleast 3 times less than in 718. Finally, based on
the size of compact coprecipitates and the volume fractions measured, variant alloy
is expected to exhibit large inter-particle spacing. All three factors are expected to
significantly influence the deformation behavior of the developed alloy.
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Creep Deformation in the Variant Alloy and Traditionally
Processed 718

Figure 2 presents the creep data obtained during the tensile creep tests carried out
at 649 °C (1200°F) and 689 MPa (100 ksi) in traditionally processed 718 and the
newly developed variant alloy. Clearly, the variant alloy exhibits a faster rate of creep
deformation (1.6 × 10−5s−1). The variant alloy accumulated 0.6% strain in 10 h,
after which the alloy fractured. In contrast, the 718-sample reached 0.5% strain in
45 h at an average strain rate 5.0× 10−6s−1. In addition, the traditionally processed
718 samples did not fracture at this stage.

Thus, the creep data obtained for the variant alloy reveals two major differences
between the variant alloy and the traditionally processed718. First, at similar accumu-
lated strains, the variant alloy fracturedwhile the traditional 718 samples did not. This
result is supported by our previous study on another slow-cooled 718-variant alloy
(718–27) [1], inwhichwe reported extensive intergranular failure during tensile creep
deformation under similar testing conditions. Next, the second difference between
the two alloys pertains to their strain rates. Such a difference in strain rate suggests
the possibility of different deformation mechanisms in the two alloy systems.

In the creep-deformed variant alloy, we observed intergranular failure. Further, the
deformed alloy samples revealed cavitation adjacent to σ phase precipitates (Fig. 3).
This is consistent with our previously reported observation on the role of grain
boundary σ phase on extensive intergranular failure during tensile creep experiments
[1]. The σ precipitates are highly detrimental to the ductility and fracture toughness
of any high-temperature superalloy because the incoherent σ |γ interface acts as a

Fig. 2 Creep data for the newly developed variant alloy and traditionally processed 718 subjected
to tensile creep deformation at 649 °C (1200 °F) and 689 MPa (100 ksi)



172 S. Mukhopadhyay et al.

Fig. 3 EDS map showing grain boundary cavitation in creep-deformed variant alloy. In this EDS
map, red showsNb enrichment, green showsO enrichment, and blue shows Fe+Cr+Mo enrichment

site of high stress concentration leading to cavitation. Under further external loading,
such cavitation then progresses to crack nucleation and final failure.

Our results are in agreement with a previous study carried out on differences
between slow-cooled 718 and 706 reported that the slow-cooled 718 samples exhib-
ited Mo-rich C14-type Laves phase precipitates which also caused extensive inter-
granular failure during tensile creep tests [17]. In contrast, a similar heat treatment
with a slow-cooling rate did not induce detrimental grain boundary precipitation
in 706 [17]. This argument is supported also by other coarsening studies carried
out on 718 where Mo-rich precipitates were also observed at the high-angle grain
boundaries [18]. Moreover, the role of Mo in causing such detrimental grain bound-
aries is further elucidated by our CALPHAD-based thermodynamicmodeling results
(Fig. 4). Figure 4 compares the equilibrium phase fraction of the stable phases as a
function of temperature in our variant alloy, in 718, and in a Mo-free variant alloy.
Note that to design the Mo-free variant alloy, the Mo content in our variant alloy was
replaced by Ni. Unsurprisingly, the impact of the absence of Mo is insignificant on
γ , γ ′ precipitates, and the thermodynamically stable δ phase. On the contrary, the
Mo-free alloy does not exhibit σ phase, both 718 and our variant alloys do.

Thus, the thermodynamic calculations suggest that under slow cooling rates,
which may mimic quasi-static equilibrium-like conditions, any Mo containing alloy
(like our variant alloy, 718–27, or 718) will inadvertently cause σ phase precipita-
tion. This result is consistent with studies on 706, which does not contain any Mo.
Because 706 does not containMo, there is no report of brittle σ (or C14 Laves) phase
formation even after very slow cooling rates. For example, 706 is regularly subjected
to a ~0.9 °C/min cooling rate when it is cooled after its solution treatment to a “stabi-
lization” hold [12, 19]. However, this heat treatment is apparently beneficial because
it leads to the formation of a grain boundary η phase. Moreover, the authors are not
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Fig. 4 CALPHAD-based thermodynamic phase calculations in a the newly developed variant alloy
(Alloy-50), b 718, and c variant alloy with 0% Mo showing that σ phase stability is controlled by
Mo content of the alloy

aware of any articles suggesting detrimental phase formation at the grain boundaries
in 706 after such slow cooling rates.

Thus, when our variant alloy was subjected to the slow cooling rates described
in the methods section, it must have inadvertently caused σ phase precipitates at
the high-angle grain boundaries. These precipitates ultimately caused final failure in
the developed variant alloy at 0.6% strain. On the contrary, because the 718 sample
received its usual faster cooling rates (during oil quench from the solution temper-
ature), σ phase precipitation did not occur owing to kinetic factors. In that sense,
it might not be wise to compare our variant alloy to a traditionally processed 718
because of the kinetics of phase transformations occurring in the systems during
the two different processing routes. At this stage, it is not known how a similarly
processed 718 sample would deform under similar tensile creep conditions.

However, at the “intermediate” creep test temperature (649 °C or 1200 °F), grain
boundary slipping/sliding is not expected to be the dominant deformation mech-
anism. Usually, grain boundary sliding is the dominant deformation mechanism at
higher temperatures. Thus, while we expect some of the faster creep rate to be caused
by the localized deformation and creep cavitation near σ phase precipitates, some
of it might also be controlled by the intragranular deformation modes. Therefore,
the creep test data suggests that both the intergranular and intragranular deformation
mechanisms are different in the variant alloy when compared with the traditionally
processed 718 considered in this investigation.

Characterization of Microtwinning in Creep-Deformed
Variant Alloy

Figure 5 shows a [101] zone axis HAADF-STEM micrograph showing a microtwin
that extends across the entire grain parallel to its � = 3 coherent annealing twin
boundary (CTB). In Fig. 5(a), we will refer to the region to the right of CTB as
“parent” and the left side as “twin” to facilitate the discussion.

The beam direction for the parent grain is about 1° (16.9 mrad) away from [928]
and the loading direction has a rotation of about 36° counterclockwise to the vertical
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Fig. 5 Analysis creep
deformed variant alloy
exhibiting extensive
microtwinning: a of
HAADF-STEM micrograph
showing microtwin
observation parallel to an
annealing twin boundary,
b atomic resolution
HAADF-STEM micrograph
of the same microtwin
showing a thickening
process, and c COS map of
figure (b) detailing the
twin-thickening process via a
ledge mechanism
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axis of the image. Thus, using trace analysis, the annealing twin boundary plane was
indexed as

(

111
)

. Thus, the microtwin plane, which is parallel to the annealing twin
boundary, is also

(

111
)

. Interestingly, the Schmid factor for one of the possible slip
systems (

(

111
)[112]) containing the twin boundary plane is 0.71. This indicates the

likelihood of the 1
6 [112] partial dislocation (or a 1

3 [112] superpartial) being involved
in the microtwinning process. As explained in Viswanathan et al. [20], microtwin
formation may be attributed to consecutive partial dislocation activity on three adja-
cent {111}-type planes. Thus, the observed microtwin in the deformed variant alloy
might have been created by the successive passage of the 1

6

[

112
]

Shockley partials
on three adjacent

(

111
)

planes. Interestingly, the “twin” side of the annealing twin
boundary (beam direction

[

1710
]

) also exhibits a similar microtwin on its
(

111
)

twin

plane. In this case, the slip system
(

111
)[211] has a similarly high Schmid factor of

0.5.
Figure 5b and c elucidate the microtwin observed on the “parent” side of the

annealing twin boundary. Figure 4c shows a Center of Symmetry (COS) map which
highlights anydeviation from theABCABCABCstacking expected in anFCCsystem
[21]. At the annealing twin andmicrotwin boundaries, the stacking locally resembles
the HCP stacking of ABABAB. This deviation from the ABCABC stacking at the
microtwin boundaries can be observed in the COS map in Fig. 4c. When the local
atomic stacking near the microtwin boundary is considered, the stacking changes
from ABCABC to the left of the boundary to ABA at the boundary and subsequently
to ACBACB on the right side of the microtwin boundary. Thus, the map highlights
only the boundary because both ABC and ACB stacking pertain to the quintessential
FCC stacking.

As shown in Fig. 5b, themicrotwin at the top is about 11.7 nm thick. On traversing
downwards, the micrograph exhibits a several

(

111
)

layer-thick step, after which the
microtwin thickens to about 12.11 nm. Further, a second step is observed closer to the
bottom of the micrograph, which causes the microtwin to further thicken to 14 nm.
As Fig. 5c shows, Frank’s circuit analysis of both the steps indicates closure failure.
For this Frank circuit analysis, we followed the Right-Hand Finish to Start (RHFS)
rule, according to which we constructed a right-handed circuit and then evaluated
the closure failure from the finish point of the circuit to its start point. According
to this analysis, the Burgers vector for both the steps was found to be 6 units along
[121].

Because the microtwin continues thickening until it terminates at the grain
boundary, the primary deformation mechanism of this grain (both twin and the
parent) was found to be microtwinning. Incidentally, microtwinning is one of the
most common mechanisms by which γ ′ strengthened disc alloys are reported to
accommodate creep deformation under similar intermediate temperatures [20, 22–
24]. On the other hand, creep deformationmechanism inAlloy 718 has been reported
to be based on the glide or climb of dislocations [25–28]. Under slightly different
creep test conditions, however, alloy 718 and another γ ′∣∣γ ′′∣∣γ superalloy (G4169)
are also reported to exhibit deformation twinning [29, 30]. In contrast to our obser-
vation of microtwins spanning the entire grain, their post-mortem analyses revealed
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thinner deformation twins blocked by δ phase precipitates [29]. Overall, the obser-
vation of extensive microtwinning indicates a similarity between our variant alloy
and many other γ ′ strengthened alloys instead of traditionally processed 718. This
finding is consistent with our microstructural analyses in Sect. 3.1, because the γ ′
phase fraction in the variant alloy is five times higher than γ ′′ in the alloy (23.3%).

Conclusions

The promise of superior phase stability makes compact-coprecipitate strengthened
718-based alloys an exciting candidate for high-temperature gas turbine wheel appli-
cations. The present work was an attempt to investigate the differences inmicrostruc-
ture and the creep behavior between one such alloy and its traditionally processed
parent alloy.

(1) When compared to 718, themicrostructure of a newly developed alloy exhibited
very low γ ′′

γ ′ phase fraction and, consequently, a much lower γ ′′ volume fraction.
Although the variant alloy was developed with much higher Nb and 0% Ti to
promote higherγ ′′ content, thefinalmicrostructure comprisedof less than5%γ ′′
phase. In addition, the average precipitate size (120 nm) and large interparticle
spacing were also in contrast to themuch finer γ ′|γ ′′ microstructure reported for
718. Such a drastically different microstructure was found to greatly influence
creep behavior of the developed variant alloy.

(2) Next, the creep behavior of the alloy was found to differ from 718 in two ways.

a. First, variant alloy fractured at about 0.6% strain, while 718 did not fail at
similar strain levels. This was found to be the result of the slow cooling rates
used in the processing of the variant alloy which σ phase precipitation at the
grain boundaries. Because of its incoherent σ |γ interface, the precipitates
act as sites for stress concentration leading, ultimately, to cracking. Based on
our thermodynamic calculations, precipitation of the σ phase is unavoidable
in anyMo-containing alloy (including 718)when processed via slow cooling
rates.

b. Next, the creep deformed microstructure showed evidence for extensive
microtwinning which spanned the entire grain. The microtwinning mode of
deformation indicates a similarity between our developed variant alloy with
many other γ ′-strengthened alloys.

Ultimately, this work shows that although the current compositions and aging treat-
ments of variant alloys are sub-optimum, the compact coprecipitate-strengthened
variant alloys exhibit tremendous potential due to their higher thermal stability aswell
as an additional strengthening effect. This indicates that the compositional space of
such variant alloys may enable the design of the next generation of high-temperature
turbine wheel materials, and need to be further explored.
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Effect of Pre-straining on the Tensile
and Stress-Rupture Properties of a Novel
Ni-Co Based Superalloy

Bin Gan, Zhongnan Bi, Cheng Yang, Hongyao Yu, Rui Hu, and Jinhui Du

Abstract For Ni-Co-based superalloys, the higher level of Co content, the lower
the stacking fault energy, which promotes the formation of deformation twins and
affects themechanical properties of thematerials. Mechanical tests of a novel Ni-Co-
based superalloy at temperatures between 25 and 760 °C revealed that its strength
maintained a sufficiently high level when the testing temperature was up to 650 °C,
above which the tensile strength decreased with test temperature, and there was a
sharp drop at 760 °C. Pre-strain tests at room temperature indicated that the density
of dislocation and stacking faults increased with strains and they became obstacles
for dislocation motion at elevated temperatures, resulting in an increase in yield
strength. In addition, the grain boundary of the pre-strained specimens has a higher
dislocation density than the grain interior, and dislocation recovery occurred during
the stress-rupture process, resulting in a lower stress-rupture life than the sample
without a pre-strain.

Keywords Ni-Co based superalloys · Nanotwins · Pre-straining · Tensile tests ·
Stress-rupture

Introduction

Ni-based superalloys, possessing superior high-temperature strength and oxidation
resistance, are widely used for manufacturing the hot-section components of aircraft
engines [1–3]. To generate a higher thrust-to-weight ratio, a significant enhancement
of their temperature-bearing capability is imperative [3], and this requirement is
conventionally fulfilled by themeticulous design of composition to take advantage of
solid solution hardening and precipitation strengthening [4]. However, an excessive
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amount of refractory elements may lead to the precipitation of TCP phases that are
detrimental to mechanical properties [5–7]. The ultra-high strength superalloy is also
difficult to forge. Therefore, alternative hardening mechanisms, such as deformation
twinning, are worthy of investigation, so that a higher strength could be attained with
a lower amount of strengthening phases [7].

As is well known, grain boundaries are effective sources of strengthening
according to the Hall–Petch relationship. However, the further refinement of grain
size to the nano-scale may lead to an undesirable loss of tensile ductility and a low
thermal stability [5, 6]. Twin boundaries can improve the high-temperature mechan-
ical properties of FCC materials such as pure Cu, high-entropy alloys, and Ni-based
superalloys by lowering their intrinsic low energy state [6, 8–12]. Formation of
nanotwins promotes a highwork hardening rate by introducing extra abundant bound-
aries that act as barriers to dislocation motion. In addition, twin boundaries can also
accommodate plastic deformation. Hence, nanotwin strengthening has the potential
to increase the strength and ductility simultaneously [5–13].

In terms of the synergic strengthening of twin boundaries and intermetallic
compounds, there are two classical routes. The first one isMP159 alloy, its ultra-high
strength is realized with a high density of deformation twins in the matrix, and a high
thermal stability is achieved by the formation of γ′ particles around twin boundaries
[14–20]. While for Ni-Co based superalloys with a low stacking fault energy, high
strength is obtained with a medium level of secondary phases, complemented with
deformation twinning. The low energy state of twin boundaries and the pinning effect
of particles are beneficial for a high thermal stability [14–17]. It was reported that
a high-density of twin boundaries can increase the strength and creep resistance of
TMW-4M3 superalloy with a high Co content [21–25].

It is well-known that twin boundaries can be introduced by plastic deformation
in Ni-Co-based superalloys. Therefore, it is promising to achieve the synergistic
strengthening effect by mechanical pre-straining. However, for those alloys with a
coarse grain, a longer stress-rupture life is accompanied with a lower yield strength,
while for those fine grain alloys, a higher yield strength is coupled with a shorter
stress-rupture life [2–6]. Hence, it is important to evaluate the feasibility of increasing
the yield strength by pre-straining of a coarse grain superalloy, while maintaining a
sufficient long stress-rupture life. In this work, a novel Ni-Co-based superalloy with
low stacking fault energy was investigated. Different degrees of pre-straining were
imparted to the samples, so as to assess the impact of pre-strained substructure on the
tensile and stress-rupture properties. The microstructural changes at different states
were systematically characterized and compared.
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Experimental Procedures

Material and Heat Treatment Procedure

The chemical composition of the investigated alloy is shown in Table 1. Ingot was
prepared by Vacuum Induction Melting (VIM), Electro Slag Remelting (ESR), and
Vacuum Arc Remelting (VAR). The cast ingot was homogenized at 1180 °C for 60 h
and then forged into a rod with a diameter of 40 mm at 1100 °C. The forged rods
were then heat treated in the following sequences: a solution treatment at 1080 °C
for 4 h with air cooling, a primary aging at 650 °C for 24 h with air cooling, and a
secondary aging at 760 °C for 16 h with air cooling.

Pre-straining Treatment

Tensile rods were machined out and then strained at room temperature with a strain
of 3% and 6%, denoted as PT3# and PT6#, respectively. A higher strain level was
not imparted, considering that stress concentration at grain boundaries may lead to
an early fracture during the tensile and stress-rupture tests at elevated temperatures.

Mechanical Tests

Dog-bone shape specimens with a size of �12 × 65 mm were machined out. Room
temperature tensile tests were conductedwith an electronic universal testingmachine
with a strain rate of 3 × 10−4 s−1. The pre-strained tensile rods were machined into
dog-bone shape tensile and stress-rupture tests samples with a size of �3 × 15 mm.
The tensile tests were conducted at 760 °C with a strain rate of 3 × 10−4 s−1.
The stress–strain profiles were measured. Stress-rupture tests were carried out at
760 °C/480 MPa and the rupture time was recorded.

Table 1 Chemical composition of the Ni-Co based superalloy (wt.%)

Element Co Cr W Al Ti Nb C Ni

Content (wt.%) 20.0 16.5 5 2.5 2.5 2.5 0.02 Bal.
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Microstructural Characterization

Scanning Electron Microscopy (SEM), Electron Backscattered Diffraction (EBSD),
Transmission Electron Microscopy (TEM), and Selected Area Electron Diffraction
(SAED) were used to characterize the deformed microstructure. For EBSD analysis,
samples were sliced, mechanically polished, and then electro-polished with a voltage
of 20 V in a solution containing 80% methanol and 20% H2SO4 for 5–7 s. EBSD
analysis was performed with a JEM-7200F SEM equipped with channel 5 software.
After the above electro-polishing, the SEM sample was electrolytically etched with
the following etchant (15 g Cr2O3+ 10 ml H2SO4+ 150 ml H3PO4) at a voltage of
4.5 V for 4–6 s. SEM samples were observed with a JEM-7800F SEM. The TEM
samples were mechanically thinned to 50 μm and then thinned by ion beam milling.
TEMand SAED analyses were performedwith an FEI Tecnai G2 F20 TEMequipped
with Bruker EDS, with an operating voltage of 200 kV.

Results and Discussion

Initial Microstructure

Figure 1 shows the original microstructure of the Ni-Co superalloy with a standard
heat treatment. Figure 1a shows the equiaxed grains, and the average grain size was
110.7 ± 9.6 μm. As shown by Fig. 1b of the bright field TEM image, there were
only a few dislocations. The dark field TEM image (Fig. 1c) shows the presence of
large and small γ′ particles in the γ matrix. The average size of γ′ phases was 64.4
± 3.4 nm, while their volume fraction was 38.8%.

Figure 2 shows the EBSD images of the Ni-Co based superalloy after the standard
heat treatment. As shown by Fig. 2(a1-d1), the microstructure was composed of
randomly-oriented, equiaxed grains and the fraction of �3 boundaries varied from
30.9 to 35.2%, as shown in Fig. 2(a2-d2). γ′ particles were uniformly distributed in γ

matrix, as shown in Fig. 2(a3–d3). The average size of γ′ particles varied from 54.2

Fig. 1 Original microstructure: an OM image of grain morophology; b bright field TEM image,
and c center dark field TEM image of superalloy with a standard heat treatment
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Fig. 2 Initial microstructure of the Ni-Co based superalloy before tensile tests: a1–a4 25 °C; b1–b4
650 °C; c1–c4 700 °C; d1–d4 760 °C

to 55.6 nm, as shown in Fig. 2(a4–d4). Their volume fraction varied from 36.9 to
37.7%, which was consistent with calculated values by JMatPro software.

Tensile Properties

Figure 3 shows the strength and elongation of the Ni-Co based superalloy with a
standard heat treatment tested from 25 °C to 760 °C, which clearly confirmed that
the strength maintained a sufficiently high level when the test temperature is lower
than 650 °C. From650 °C to 760 °C, the tensile strength decreasedwith the increment
of test temperature, and there was a sharp drop at 760 °C. It is necessary to improve
the mechanical properties of the Ni-Co based superalloy at 760 °C or even higher
temperatures.
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Fig. 3 Tensile properties of the Ni-Co based superalloy at different temperatures

Microstructure After Tensile Tests

Figure 4 shows the morphology and size distribution of γ′ particles for the samples
tested at different temperatures. Spherical γ′ particles were uniformly distributed in
the γ matrix, as shown in Fig. 4a1–d1. Their size distribution was all in the range
of 50–80 nm, as shown in Fig. 4a2–d2, indicating the γ′ particles exhibited a high
thermal stability at the investigated temperatures.

Figure 5 shows the EBSD images and Kernel Average Misorientation (KAM)
maps of the Ni-Co-based superalloy after different temperature tests. At 25 °C, the
grains were elongated along the strain direction, and the extent gradually decreased
when the test temperature was higher than 650 °C, as shown in Fig. 5a1–a4. The
evolution of strain contours was related to the dislocation motion, multiplication,
and their interactions with grain boundaries during plastic deformation. The KAM

Fig. 4 Morphology and size distribution of γ′ particles near the fracture region of the specimens
tested at different temperatures: a1–a2 25 °C; b1–b2 650 °C; c1–c2 700 °C; d1–d2 760 °C
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Fig. 5 The EBSD images and KAM maps near the fracture region of the specimens tested at
different temperatures: a1–a2 25 °C; b1–b2 650 °C; c1–c2 700 °C; d1–d2 760 °C

is the average misorientation between each pixel and its surrounding pixels in EBSD
measurements. At 25 °C, the high KAM at the grain boundaries and grain interior
(Fig. 5a2) indicated a high level of dislocation activity. For the specimens tested at
650 and 700 °C, the uniform distribution of KAM suggested there was no abundant
dislocation multiplication (Fig. 5(b2–c2)). The distribution of KAM value was the
most uniform in the specimen tested at 760 °C, the strain concentration at grain
boundaries was reduced, compared to those samples tested at lower temperatures
(Fig. 5d2).

Figure 6 shows the fracture surfaces of the specimens tested at different tempera-
tures. Many trans-granular cracks formed on the fracture surface of the room temper-
ature specimen (Fig. 6a). At 700 °C, a larger number of cleavage facets and inter-
granular cracks existed on fracture surfaces (Fig. 6c). At 760 °C, the fracture was
composed of cleavage facets, shallow dimples and inter-granular cracks (Fig. 6d),
indicating a mixture of inter-granular and trans-granular fracture.

Microstructure Changes After the Pre-straining Treatment

Figure 7 shows the EBSD images of the superalloy with a standard heat treatment
(0#), PT3#, and PT6# (denote the sampleswith 3%and 6%pre-strain at room temper-
ature, respectively). As shown by the inverse pole figure (IPF) of Fig. 7a1–c1, the
original microstructure was composed of equiaxed grains with a random orientation
and some annealing twins. After the pre-straining treatment, strain gradients were
introduced into some grains of the PT3#. In PT6#, there was a clear strain gradient
throughout the specimen. Based on the KAM diagram, there was no stress concen-
tration in 0#. There was almost no obvious change in the grain size of PT3#, but
stress concentrations were observed in some grain boundaries. PT6# showed stress
concentration at the grain boundaries and grain interiors due to the larger deforma-
tion (Fig. 7a2–c2). Almost all the grains in 0# were recrystallized grains. About 9%
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Fig. 6 SEM micrograph of the fracture surfaces of the specimens tested at different temperatures:
a 25 °C; b 650 °C; c 700 °C; d 760 °C

of the equiaxed grains in PT3# had the formation of a substructure. About 67% of
the grains of the PT6# had the formation of a substructure (Fig. 7a3–c3). For all the
samples, the γ′ phases were nearly spherical with the average diameter of 63.2 to
66.0 nm. It should be noted that some of γ′ phase in PT3# and PT6 # were sheared.

Fig. 7 EBSD analysis: IPF diagram, KAM diagram, recrystallized structure diagram, and SEM
photographs: a1–a4 superalloy with a standard heat treatment without pre-straining 0#; b1–b4 PT3#
and c1–c4 PT6#
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Fig. 8 GND density and distribution under different conditions: a original condition 0#; b PT3#
and c PT6#

The Geometrically Necessary Dislocations (GNDs) values of the 0#, PT3#, and
PT6#were statistically analyzed, and their distributiondiagramswere plotted (Fig. 8).
In order to study the evolution of dislocation density with the pre-strain degree, GND
was used to characterize the dislocation density and its distribution in different grains.
The closer the peak of the GND distribution is to the right side of the horizontal axis,
the higher the GND density. The specimen with a standard heat treatment showed
a very low dislocation density both inside the grain and near the grain boundary
(Fig. 8a). For PT3#, a high density of dislocations was mainly observed at the grain
boundary. Therefore, the peak position of the dislocation density distribution was
almost the same as 0#, but the dislocation density distribution gradually moved to
the left side of the horizontal axis (Fig. 8b). For PT6# with a larger deformation, the
dislocation density in the grain interior or near the grain boundary increased rapidly,
showing a typical single peak distribution (Fig. 8c).

In order to clarify the type of substructure induced by the pre-straining, Fig. 9
shows the TEM images of PT3# and PT6#. Substructures, such as dislocation lines,
shear bands, and continuous stacking faults, can be clearly observed in PT3#, and
dislocations in the matrix can cut the γ′ phases. Isolated stacking faults were formed
inside the γ′ phase, many short isolated stacking faults can be observed (Fig. 9a–c).
The amount of dislocations in PT6# increased significantly and entangled around the
γ′ phase, the larger deformation will assist the growth of continuous stacking faults.
The obvious growth of isolated stacking faults was revealed by the high-resolution
TEM image, and the stacking faults with different orientations intersected at 70.5°
to form Lomer-Cottrell locks.

Tensile Behavior of Pre-Strained Specimens

Tensile Properties

The tensile properties of 0#, PT3#, and PT6# were shown in Fig. 10a, and the true
stress-true strain curves were plotted (Fig. 10b). The yield strength and ultimate
tensile strength of a novel Ni-based superalloy were improved after the pre-tensile



188 B. Gan et al.

Fig. 9 TEM images of the pre-strained specimens: a–c PT3#; d–e PT6#

Fig. 10 a Strength and elongation tested at 760 °C versus the pre-straining level, b true stress-true
strain profiles

treatments, but the elongation was gradually decreased. The yield strength of 0# at
760 °C was 859 MPa. The yield strength of PT3# and PT6# at 760 °C was 998 MPa
and 1115 MPa, respectively, which was nearly 16.2% and 29.8% higher than that
of 0#, respectively. The elongation of PT3# was equivalent to that of 0#, while the
elongation of PT6# decreased slightly.

Deformed Microstructure After Tensile Tests

Figure 11 shows the tensile fracture morphology of 0#, PT3#, and PT6#. The fracture
behavior was relatively the same: cracks originated from the edge, and the cracking
area was mainly inter-granular fracture with a small number of dimples (Fig. 11a1–
c1). The crack extended to the central area, where there were many cleavage planes
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Fig. 11 Tensile fracture morphology of samples tested at 760 °C. a–a2 0 #; b–b2 PT3#; c–c2 PT6#

and dimples (Fig. 11a2–c2). With the increase of pre-strain level, the amount of fine
dimples in the cracking area gradually decreased, due to the stress concentration at the
grain boundary. The amount of dimples in the central area of the fracture decreased,
and the number of cleavage planes increased.

Figure 12 shows the TEM images of 0#, PT3#, and PT6# tensile tested at 760 °C.
Continuous stacking faults and parallel deformation twinswere observed in 0#,which
can impede themotion of dislocations on both sides. The center dark fieldTEM image
(Fig. 12b) revealed that the deformed twin could cut the γ′ phase. The thickness of the
deformation twin was about 6.1 nm, and there were isolated stacking faults around it
(Fig. 12a–c). For PT3#, the amount of continuous stacking faults and parallel defor-
mation twins increased. Deformation twins also cut into the γ′ phase. The thickness
of the deformation twinwas about 5.9 nm,whichwas similar to that of 0#. Therewere
parallel and continuous stacking faults near the deformation twins and the stacking
faults of two different orientations can intersect at 70.5° to formLomer-Cottrell locks
(Fig. 12d–f). For PT6#, there was a significant increase in continuous stacking faults
and parallel deformation twins. Theγ′ phasewas cut by deformation twins. The thick-
ness of the deformation twinwas about 8.5 nm. Therewere continuous stacking faults
in the sameorientation as the deformation twin, and the continuous stacking faults can
intersect with the deformation twin at 70.5° (Fig. 12d–f). With the increased amount
of pre-strain, the number of deformation twins and Lomer-Cottrell locks increased,
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Fig. 12 TEM photos of tensile fractured specimens. a–c 0#; d–f PT3#; g–i PT6#

which improves the tensile strength. In addition, stacking faults formed near deforma-
tion twins can be used as the core of deformation twins. After atomic diffusion and
rearrangement, stacking faults transformed into deformation twins, which increased
the density of deformation twins.

Stress-Rupture Behavior of Pre-strained Specimens

Stress-Rupture Properties

The stress-rupture lifes of 0#, PT3#, and PT6# were measured at 760 °C/480 MPa
(see Fig. 13). Pre-straining treatment reduced the stress rupture life of specimen with
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Fig. 13 Stress-rupture life of specimen versus pre-straining levels, measured at 760 °C/480 MPa

a standard heat treatment; however, the remaining stress-rupture life maintained a
sufficiently high value.

Deformed Microstructure After Stress-Rupture Tests

Figure 14 shows the fracture surface of 0#, PT3# and PT6# tested at 760 °C/480MPa
(Fig. 14a–f).Their stress-rupture fracture mechanisms were relatively the same:
cracks were generated from the central area of the sample with an inter-granular
rupture manner. There were a few cleavage planes and dimples. There were many
dimples in the cracking area of 0#, while there were no dimples in the cracking
area of PT3# and PT6#. The ductility was reduced due to the stress concentration
at the grain boundary. With the increase of pre-strain, the large cleavage facets in
the central area of rupture decreased. However, both the small facets surface and the
ductile rupture characteristics increased. The fracture morphologies were consistent
with the stress rupture life revealed in Fig. 13.

Figure 15 shows the deformed microstructure of 0#, PT3#, and PT6# tested at
760 °C/480 MPa. The deformation mechanism was consisting of the formation of
parallel deformation twins and stacking faults, which can obviously hinder the slip
of dislocations on both sides. The M23C6 carbides formed at the grain boundary
can prevent the slip of dislocations at the grain boundaries and stacking faults were
formed in the M23C6 carbides after all dislocations cut into them (Fig. 15a–c). The
amount of dislocation, deformation twins, and isolated stacking faults of the alloy
with pre-straining treatments increased significantly (Fig. 15d, g and Fig. 15e, h).
With the increase of pre-strain deformation, the number of deformation twins and
isolated stacking faults in the pre-deformed structure increased. In addition, the
M23C6 carbides at the grain boundaries played a more significant role in hindering
dislocation movement, which was beneficial for improving the stress rupture life.
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Fig. 14 Stress rupture morphology of specimens tested at 760 °C/480 MPa a–b 0#; c–d PT3#; e–f
PT6#

Conclusions

The deformation behaviors from 25 to 760 °C were characterized and the impact of
room temperature pre-straining on the tensile and stress-rupture properties at 760 °C
was assessed. The major conclusions are summarized as follows.

(1) The strength maintained a sufficiently high level when the test temperature is
lower than 650 °C. From 650 to 760 °C the tensile strength decreased with the
test temperature, and the tensile strength decreased sharply at 760 °C

(2) The pre-straining treatment increased the yield strength at 760 °C. During
the pre-straining process, the density of stacking faults and deformation twins
increased, and the hindrance to dislocations increased, resulting in an increase
in the yield strength at the elevated temperature.
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Fig. 15 TEM images of different samples tested at 760 °C/480 MPa a–c 0#; d–f PT3#; g–i PT6#

(3) After the pre-straining treatment, the stress rupture life of the alloy decreased.
Pre-straining treatment reduced the stress rupture life of the un-stretched
specimen. However, the remaining life maintained a sufficiently high value.

(4) With the increase of pre-strain deformation, the number of isolated stacking
faults and deformation twins increased, and they can hinder the slip of disloca-
tions on both sides. In addition, stacking faults and M23C6 hindered dislocation
movement and grain boundary migration, which was beneficial for lengthening
the stress-rupture life.
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Effect of Short-Term Isothermal
Exposure on the Ductility Signature
of Waspaloy in the Temperature Range
of 750–950 °C: A Comparison
with Haynes® 282®

Fabian Hanning, Abdul Khaliq Khan, Olanrewaju Ojo, and Joel Andersson

Abstract The evolution of microstructure and ductility has been investigated for
Waspaloy after isothermal exposure between 5 and 1800s at 750–950 °C. Gamma
prime (γ’) with 1.7 nm diameter is found in the mill-annealed condition, while
precipitate-growth following a t1/3 relationship is observed for isothermal exposure.
Grain boundary carbide networks are formed during isothermal exposure together
with a rapid hardness increase. A drop in ductility is observed with the lowest values
at 750 and 800 °C. Further ductility reduction during isothermal exposure correlates
with the rapid hardness increase of Waspaloy. While grain boundary strengthening
can compensate for themoderate age hardeningobserved forHaynes® 282®, themore
rapid hardness increase due to γ’ precipitation appears to be the dominating effect
on ductility in Waspaloy. Carbide precipitation and growth kinetics are slower than
those of Haynes® 282®, which further increases the relative effect of age hardening
reactions on the ductility of Waspaloy.

Keywords Nickel-based superalloy ·Waspaloy · Haynes 282 · Strain age
cracking · Postweld heat treatment · Gleeble

Introduction

Hot structural components for aircraft engines are commonly manufactured using
precipitation hardening nickel-based superalloys. The standard grade for such appli-
cations isAlloy718,whichhas a favourable combinationof high temperature strength
and good fabricability [1]. The strength of Alloy 718 is based on the precipitation of
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the gamma double prime γ” phase, which enables a maximum service temperature of
650 °C. The manufacturing of large structural components typically involves joining
small parts together by welding [2]. This requires a good welding performance of the
used material. Increased combustion temperatures in aircraft engines and the limited
service temperature of Alloy 718 requires the use of higher temperature stable mate-
rials, which are typically gammaprime (γ’) hardening alloys. Precipitation hardening
superalloys require a post weld heat treatment (PWHT) to obtain uniform material
properties. Fast aging kinetics of γ’ hardening alloys can lead to strain age cracking
(SAC), a cracking phenomenon characterized by low ductility intergranular frac-
ture in the heat affected zone [3]. The general mechanism involves intragranular age
hardening reactions, which localizes stress relaxation to grain boundaries. Different
testing procedures have beendeveloped to studySAC,where testsmeasuring ductility
appear to be most suitable to compare different alloys [4]. The constant heating rate
test (CHRT) is one of the few methods that have been used by several studies [5–
8]. The test simulates slow furnace heating to PWHT, with samples being pulled to
fracture in the temperature range of 700 to 1000 °C. A drop in ductility which is
observed in this temperature range can be used to qualitatively rank different mate-
rials’ susceptibility to SAC based on the severity of the drop in ductility. The CHRT
is useful to create material rankings, it does however lack the ability to investigate the
underlying mechanism of SAC. A controlled exposure time test has therefore devel-
oped in an earlier study [9]. It was found that isothermal exposure does not change
the ductility of Haynes® 282®. This relatively new alloy has been developed as a
potential complement of Alloy 718, above which it has a 150 °C maximum service
temperature advantage [8]. Haynes® 282® was developed with a leaner composition
as compared to Waspaloy or René 41 to improve weldability. Waspaloy has a very
similar chemical composition but shows a faster age hardening response which is
related to the higher content of γ’ forming elements Al and Ti [10, 11]. This work
involves a study of ductility signature andmicrostructural evolution ofWaspaloy and
provides a comparison with Haynes® 282® to investigate the effect of the former’s
faster age hardening kinetics on ductility after isothermal exposure.

Experimental

Material and Heat Treatments

Wrought Waspaloy is investigated in the form of 3.175 mm (1/8”) rolled sheet with
the chemical composition given in Table 1. The material is used in the as-received,
mill-annealed condition, having a hardness of 301 ± 5HV. The microstructure with
an average grain size of 24± 5μm is shown in Fig. 1. The as-receivedmicrostructure
shows no grain boundary carbide network, but primary MC-type carbides are visible
in the microstructure.
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Table 1 Chemical composition in wt.-% of the Waspaloy sheet used for the experiments

Ni Cr Co Mo Fe Mn Al Ti

wt.-% Bal 19.08 13.56 4.52 1.57 0.08 1.41 3.00

Zr B C Cu P S Si

wt.-% 0.041 0.006 0.080 0.03 0.003 – a 0.05

aBelow detection limit

Fig. 1 a As received, mill-annealed microstructure with primary carbides present as stringers. b
Age hardened microstructure with developed grain boundary carbide network

A conventional age hardening heat treatment has been carried out on some mate-
rial. The heat treatment includes three aging steps, 995 °C 2 h, 845 °C 4 h, and
760° 16 h [10]. The heat treatment has been carried out on tensile test samples in a
tube furnace under Argon gas with 100 l/h flow rate. Figure 1b shows the obtained
microstructurewhich contains a developedgrain boundary precipitate network.Grain
size is not affected by the heat treatment, while the hardness increases to 411 ± 3
HV0.5.

Gleeble Thermomechanical Simulation

AGleeble 3800D system is used for high temperature testing, with test temperatures
ranging from 750 to 950 °C divided into steps of 50 °C. Short exposure times from
5 s are included to investigate the effect of early-stage γ’ evolution. Fast heating
with 1000 °C/s has been used to reduce the effect of heating on the test results.
Similarly, the cooling rate after completed high temperature exposure was kept above
100 °C/s for temperatures above 500 °C to minimise microstructural changes during
the cooling part of the test. Stroke rate has been found to affect the fracture mode
in Haynes® 282® [9], with intergranular fracture being present only for low stroke
rates. Two stroke rates are employed in this study, 0.055 and 55 m/s and results
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Table 2 Test matrix and parameters

Temperature [°C] 750 800 850 900 950

Exposure time
isothermal tests [s]

5 10 30 60 180 600 1200 1800

Heating rate [°C/s] 1000

Cooling rate (T >
500 °C) [°C/s]

100

Stroke rate [mm/s] 0.055 55

Chamber pressure
[mbar]

0.1

Thermocouple Type K

are compared to those observed for Haynes® 282®. All test specimens are prepared
using abrasive waterjet cutting. Sample dimensions are the same as in [9], with
92 mm total sample length, a 26 mm gauge radius, and 7.5 mm minimum width in
the gauge section. Formicrostructural analysis on undeformedmaterial, reduced-size
specimens with 55 × 7.5 × 3.15 mm are used. The test parameters are summarised
in Table 2.

Three replicates are tested for each point, and the reduction in area (RA) has
been measured using an Olympus SZX9 stereo optical microscope. The tests are
randomized within repeats and only identifiable via their run number to minimize
operational bias during evaluation.

Microstructural Characterization

Microstructural analysis is carried out on cross sections of the reduced-size speci-
mens, cut out at the sample centrewhere theGleeble control-thermocouple is located,
and on fractured samples. Cross sectioned samples are mounted in hot mounting
resin, followed by automated grinding and polishing. For general microstructural
characterization, samples are etched using 10wt.-% oxalic acid at 3 V DC for 2–3 s.
A Zeiss Evo 50 scanning electron microscope (SEM) and a Leo 1550 FEG SEM
have been used for fracture and microstructure analysis. Selected samples have been
further investigated using transmission electron microscopy (TEM). For this, cut-out
cross sections have been thinned to 100 μm thickness, followed by dimple-grinding
and electropolishing in 10:90 methanolic perchloric acid at −40 °C using a Struers
Tenupol-3 twinjet electropolishing machine. A Jeol JEM-2100 field emission TEM
with 200 kV acceleration voltage is used to acquire brightfield (BF) and darkfield
(DF) images and selected area (SA) diffraction patterns end electron dispersive spec-
troscopy (EDS). Microhardness is measured using a Struers DuraScan-70 G5 with
a force of 0.5kgf (HV0.5). 5 randomly located indents per sample were averaged
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and are presented with the respective standard deviation as error. Thermodynamic
calculations are carried out using JmatPro v.11.2.

Results and Discussion

Microstructural Characterization

The as-received, mill annealed condition shows an average hardness of 301 ±
5HV0.5, which and can be attributed to the presence of γ’ formed during cooling.
SEM analysis did not reveal γ’ precipitates, the presence of γ’ superlattice reflec-
tions could however be observed in the TEM as shown in Fig. 2. The average particle
diameter is measured to 1.7 ± 0.5 nm.

After age hardening heat treatment, the hardness increases to 411± 3 HV0.5. The
first heat treatment at 996 °C leads to the precipitation of coarse γ’ with a particle
size of 133± 34 nm. This temperature is above the dissolution temperature ofM23C6

carbides, which by the use of JmatPro is calculated to 965 °C. M23C6 carbides found
on the grain boundaries are assumed to have formed during the subsequent steps
of the aging treatment. The 3-step aging heat treatment lead to the formation of a
complete network of M23C6 and γ’ on the grain boundaries, as can be seen in Fig. 3a.
Fine γ’ that formed during the last heat treatment at 760 °C is evident in Fig. 3b. The
particle size of this second species of γ’ is measured to 34 ± 7 nm.

Particle size evolution during thermal exposure of mill annealed specimens in the
Gleeble test are shown in Fig. 4 for 850 and 950 °C. Particle size data from TEM
images is fitted to the Lifshitz-Slyozov-Wagner (LSW) theory [12], which predicts a
linear relationship of particle radius and the cube root of time at a given temperature,
assuming a constant γ’ phase fraction. The fitting parameters R2 are 0.9817 and

Fig. 2 TEM darkfield image
using the < 2–1-1 > gamma
prime diffraction spot on the
gamma [102] zone axis,
showing bright γ’
precipitates with a particle
diameter of 1.7 ± 0.5 nm
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Fig. 3 a Waspaloy microstructure after full heat treatment showing M23C6 carbides on the grain
boundaries and coarse γ’ on grain boundaries and in the grain interior. bGamma prime precipitates
with 133 ± 34 nm and 34 ± 7 nm diameter in TEM dark field contrast using the <1–10> gamma
prime diffraction spot on the gamma [112] zone axis

0.9891 for 850 and 950 °C, respectively. A similar relationship has been reported by
Whelchel et al. for Waspaloy heat treated at temperatures above 800 °C [13].

Table 3 compiles the equilibrium γ’ phase fractions and the exposure times neces-
sary to reach equilibrium conditions. Note that these simulations assume a γ’-free
microstructure as starting condition. The simulation data suggests that significant
nucleation should occur during the initial stage of the heat treatments. The presence
of γ’ precipitates in the as-received material condition as shown in Fig. 2 however
makes further nucleation unlikely especially for the higher test temperatures and
diffusion-controlled growth can be anticipated to be the dominating mechanism for
the investigated exposure times. This hypothesis is supported by the good fit of

Fig. 4 Particle radii
measured at 850 and 950 °C
for 180–1800s exposure
time. Dashed lines show
LSW fit, R2 > 0.98



Effect of Short-Term Isothermal Exposure on the Ductility Signature … 203

Table 3 Equilibrium γ’
phase fraction and time to
reach equilibrium at different
temperatures for Waspaloy,
calculated with JmatPro.
Parentheses indicating
amount of γ’ formed after
1800s at 750 °C

Temperature [°C] γ’ phase fraction [%] Exposure time [s]

750 22 (13.5) 4460 (1800)

800 20.24 1580

850 17.96 630

900 14.75 281

950 10.23 160

the measured particle size data to the LSW theory which otherwise should show a
deviation from linear behaviour for shorter exposure times.

Direct isothermal exposure of mill annealed specimens during Gleeble testing
produces the microstructure presented in Fig. 5. The precipitation of unimodal γ’
can be observed for all investigated temperatures, while slower growth kinetics at
the lower end of the investigated temperature window caused smaller precipitate
sizes. Grain boundary carbide evolution is most pronounced at test temperatures up
to 850 °C. Although some M23C6 carbides are present on grain boundaries after
heat treatments at 950 °C, the close proximity to the M23C6 solvus temperature of
965 °C limited the carbide precipitation. Samples exposed to temperatures of 800 and
850 °C form a complete grain boundary carbide network with the carbides showing
a connected, brick-like morphology. At 750 °C some grain boundary carbides are
present after 1800s exposure, but not enough to form a connected network as shown
in Fig. 6.

The hardness evolution is shown in Fig. 7, with the highest hardness of
409 ± 7 HV0.5 after 1200 s at 800 °C. This is close to the hardness obtained after a
conventional age hardening heat treatment of 996 °C 2 h, 846 °C 4 h, and 760° 16 h
(411 ± 3 HV0.5).

Fracture mode is intergranular for temperatures up to 850 °C when testing at
stroke rates of 0.055 mm/s, with micro-voids on grain facets as shown exemplarily
for a sample pulled after 1800s exposure at 800 °C. At 900 and 950 °C fracture mode
transitioned towards ductile, which could be attributed to the increased temperature.
The higher stroke rate of 55 mm/s did not lead to intergranular fracture at the lower
test temperatures and instead grain rupture occurred. Figure 8 shows fracture surfaces
after 1800s thermal exposure at 800 °C for 55 and 0.055 mm/s, respectively. The
effect of stroke rate on the fracture morphology can be observed, which is discussed
further below.

Comparison with Haynes 282

The hardness evolution and ductility response of Waspaloy is compared to that of
Haynes® 282® [9]. The former is shown in the time–temperature-hardness (TTH)
diagrams presented in Fig. 9, where the more rapid age hardening kinetics of
Waspaloy is evident. The shape of hardening nose of Waspaloy is furthermore
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Fig. 5 Microstructure of Waspaloy after isothermal exposure in the temperature range of 750 to
950 °C, showing the evolution of γ’ precipitation for 180, 600 and 1800s

different, with the nose location shifted towards higher temperatures, while the
highest hardness is reached at 800–850 °C.

The rapid hardness increase of Waspaloy has a noticeable effect on the materials
ductility when deformation is localized to the grain interior by a high deformation
rate. The effect of the more rapid age hardening kinetics in Waspaloy leads to a clear
decrease in ductility for long exposure times, as shown in Fig. 10. With ongoing
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Fig. 6 Grain boundary carbide evolution during isothermal exposure. Minor formation at 750 °C,
while a more continuous network of connected, brick-like carbides are formed at 800 and 850 °C

Fig. 7 Hardness evolution in Waspaloy during isothermal exposure. Hardness after conventional
age hardening heat treatment is indicated for comparison

Fig. 8 Fracture surfaces of Waspaloy tested at 800 °C after 1800s. Grain rupture for 55 mm/s
stroke rate (a), intergranular fracture, showing micro-voids on grain facets in (b) for a stroke rate
of 0.055 mm/s
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Fig. 9 Isothermal TTH-diagram of Haynes 282 (a) and Waspaloy (b) for exposure times up to
1800s. Contour spacing 10HV, average standard deviation ± 5 HV0.5

age hardening reactions, the ductility is also lower relative to Haynes® 282® which
shows slower age hardening kinetics and lower overall hardness (cf. Fig. 9).

Using high stroke rates does not provide enough time for grain boundary slip to
occur, which causes fracture in the grain interior. This in turn could explain the large
effect of age hardening reactions in the grain interior on the ductility, where harder
material is less ductile. Since strain age cracking is however a phenomenon that
occurs on grain boundaries, testing with slower stroke rate is necessary to produce
intergranular fracture as is characteristic for SAC. In the case of Haynes® 282®

the effect of age hardening reactions was not found to significantly affect ductility
when intergranular fracture is the dominating mode of failure [9]. Figure 11b shows
ductility values measured forWaspaloy using a stroke rate of 0.055 mm/s, producing
intergranular fracture. It can be observed that the three-step age hardening heat treat-
ment leads to a higher ductility in the material as compared to the direct aging
resulting from thermal exposure at a single temperature.

Fig. 10 Ductility as a function of temperature for samples tested with a stroke rate of 55 mm/s
for Haynes® 282® (a) and Waspaloy (b). 3-step aging refers to furnace heat treatment followed by
rapid heating to test temperature
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Fig. 11 Ductility as a function of temperature for samples tested with a stroke rate of 0.055 mm/s.
Different ductility evolution for Haynes 282 (a) andWaspaloy (b), with isothermal exposure leading
to reduced ductility for the latter. 3-step aging refers to furnace heat treatment followed by rapid
heating to test temperature.

This seemingly counter-intuitive result can be explained by the difference in
microstructure. The three-step heat treatment results in a bimodal γ’ distribution,
but also to the precipitation of grain boundary γ’, as shown in Fig. 3a. Further-
more, the discrete particle distribution on the grain boundaries can be assumed to
strengthen the grain boundaries more than direct aging at 750 and 800 °C. At those
temperatures the grain boundaries develop a more continuous carbide network with
large γ’ precipitates being absent and the carbide morphology not being discrete.
The combination of reduced grain boundary strength and the high hardness due to
γ’-precipitation in the grain interior can explain the reduced ductility.

The effect of hardness increase is offset by the rapid formation of a grain boundary
carbide network in Haynes® 282®, resulting in only minor variations in ductility.
The significantly higher hardness increase in Waspaloy however appears to be the
dominant mechanism affecting the ductility in the material, as 1800s exposure time
led to a further reduction in ductility.

The secondary carbide species and their precipitation characteristics are different
in the two alloys with Haynes® 282® containing both M6C and M23C6 while
Waspaloy only containsM23C6. Furthermore, Haynes® 282® forms a grain boundary
carbide network at all investigated temperatures within the investigated range of
exposure times [9], whereas no complete grain boundary coverage is observed for
Waspaloy at 750 °C.

Two effects are observed to contribute to the ductility ofWaspaloy. The formation
of a grain boundary carbide network strengthens the grain boundaries, which is less
pronounced at 750 °C, due to slower precipitation kinetics, while at 800 and 850 °C
a relatively continuous network forms within 1800s. The second effect is the age
hardening of the material due to γ’ precipitation. Waspaloy shows a very rapid
hardness increase, with the precipitation nose located at 800–850 °C. A hardness-
increase of about 100 HV within the investigated time window of 1800s appears to
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Fig. 12 Calculated secondary carbide phase fractions ofHaynes® 282® andWaspaloy as a function
of temperature after isothermal exposure of a 1800s and b 100000 s

have a larger effect than strengthening effects from the simultaneous formation of a
grain boundary carbide network.

Haynes® 282® exhibits a more rapid formation of a grain boundary carbide
network, which in combination with the presence of both M23C6 and M6C carbides
increases the total precipitate phase fraction as compared to Waspaloy. This visual
observation is supported by the JmatPro simulations shown Fig. 12. The M23C6

phase fraction evolution after isothermal exposure of 1800 and 100000 s is system-
atically lower for Waspaloy. Note that the simulations assume a precipitate-free
microstructure as a starting condition. The presence of low amounts of carbides in
the as-received condition of both materials limits the accuracy of the simulation in
terms of absolute values. The difference in precipitation kinetics and phase fraction
can however clearly be seen.

At the same time, the alloy has a more moderate hardness increase with lower
absolute hardness values and the location of the precipitation nose shifted upwards
to 850 °C.

This difference in microstructural evolution can explain the higher SAC suscep-
tibility of Waspaloy relative to Haynes® 282®. When comparing absolute ductility
of the two materials, it becomes clear that the difference is only minor. Apart from
the discussion above, considering the reported higher susceptibility towards SAC of
Waspaloy [7, 11], Waspaloy was expected to show lower values than Haynes® 282®.
A possible explanation is the difference in grain size of the two materials, which is
55 ± 5 μm for Haynes® 282® while that of the Waspaloy sheet investigated here is
approximately half with 24 ± 5 μm. Large grain size is commonly seen as having
a negative effect on SAC due to stress concentration on fewer grain boundaries [14,
15]. Having about half the grain size of Haynes® 282® could explain the high rela-
tive ductility measured forWaspaloy in this study, further investigations are however
necessary to confirm this hypothesis.
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Conclusions

The effect of age hardening reactions on the ductility of Waspaloy has been inves-
tigated in this study and compared to Haynes® 282®. Based on the results it can be
concluded that.

• As-received Waspaloy contains fine γ’ precipitates with a particle size of 1.7 ±
0.5 nm diameter

• Waspaloy shows rapid age hardening kinetics, resulting in a ~100 HV hardness-
increase after 1800s isothermal exposure at 750–850 °C

• Ductility is affected by both age hardening via γ’ precipitation and the formation
of a network of grain boundary precipitates.

• Despite the high hardness, a conventional three-step age-hardening heat treatment
produces the highest ductility, with a complete network of discrete grain boundary
precipitates increasing grain boundary strength.

• The formation of a grain boundary carbide network during isothermal exposure
cannot compensate for the hardness increase in the grain interior, leading to a
ductility reduction at 750 and 800 °C.

• The slower age-hardening kinetics and lower absolute hardness of Haynes® 282®

did not lead to a decrease in ductility for isothermal exposure up to 1800s.
• High absolute ductility of Waspaloy as compared to Haynes® 282® could be

attributed to a difference in grain size.
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Characterization of γ′ Precipitation
Behavior in Additively Manufactured
IN738LC Superalloy via In-Situ
Small-Angle Neutron Scattering

Hailong Qin, Hai Chi, Ying Tao, Mingzhao Xie, Songyi Shi, Hongyao Yu,
Jinli Xie, Qing Tan, and Zhongnan Bi

Abstract In the present study, quantitative evaluation of the size and volume fraction
of γ′ particles have been studied by Small-Angle Neutron Scattering (SANS) and
FE-SEM in additively manufactured IN738LC Superalloy employing isothermal
heat treatment conditions at 850 °C. The results show that there is no observable γ′
precipitation in the as-deposited alloy, while a large number of small cellular and
striated sub-structures can be characterized with widths ranging from 0.5 to 1.5 μm.
During the 850 °C isothermal heat treatment, the γ′ phase rapidly precipitates in
large quantities and shows a unimodal irregular sphere-like shape. The average size
of the γ′ particles increases with longer aging times. After 10 min of isothermal
heat treatment the average γ′ particle size is 72.5 nm. This average size increase
to 137.3 nm after 120 min of ageing. However, the volume fraction (VF) of γ′
precipitates does not change after 10 min of isothermal heat treatment time, at which
point the VF % reaches about 40%. This result varies significantly from IN738LC
that was prepared by traditional casting processes.
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Introduction

Additive manufacturing (AM) technique is developing more and more quickly in
the recent years, there are many types of manufacturing methods in this fabrication
technology, among them, Selective laser sintering (SLS) and laser powder bed fusion
(L-PBF) are themost prominent ones [1–3]. Compared with other traditional fabrica-
tion methods, this process has the following advantages: geometrical freedom which
enable to build complicated morphology of products, shorter time of the process
from design to product, mass customization, and material flexibility [4, 5]. Due to
such advantages, laser powder bed fusion (L-PBF) technology is very suitable to
fabricate complicated morphology and valuable products, especially shows its great
potential in medical and aircraft industry [6, 7].

Nickel-based superalloys, which play a key role in aerospace and aviation indus-
tries as hot section components, are one of the first manufacturing metallic material.
Nickel-based superalloys are generally composed of two phases: matrix γ phase
and strengthening γ’ phase. γ’ phase is the main strengthening phase of nickel-based
superalloy, which plays a decisive role in themechanical properties of the alloy.With
the increase of the mass fraction of γ ‘phase, the dissolution temperature of γ’ phase
increases. When the mass fraction of γ ‘phase is increased to 50%, and the mechan-
ical properties at high temperature are significantly improved. Therefore, the volume
fraction of γ ‘phase in alloys applied in high temperature field is relatively high, and
the volume fraction of γ’ phase in high-performance superalloys often exceeds 50%
[8, 9]. IN738LC is a typical high-end Ni-based superalloy developed to meet the
needs for harsh working environment [9–11]. IN738LC has up to 51%mass fraction
of γ ‘phase at room temperature. The total amount of Al and Ti of its composition
is over 6.8 wt%, which causes the susceptibility to strain age cracking (SAC) [12].
Particularly, γ′ particles precipitate rapidly during the subsequent heating process,
resulting in volume shrinkage and local stress concentration. An urgent need has
to conduct a study of γ′ precipitation behavior during the post-treatment process to
solve the problem of component cracking caused by SAC.

In recent years, neutron small-angle scattering has been gradually used in the
study of high-temperature alloys [13–17]. Small-Angle Neutron Scattering (SANS)
technique is particularly suited to quantitative characterize themicrostructure of two-
phase systems [18–21]. In the present study, quantitative evaluation of the size and
volume fraction of γ′ particles have been studied by SANS and FE-SEM in additively
manufactured IN738LC Superalloy employing isothermal heat treatment conditions
of 850 °C.



Characterization of γ′ Precipitation Behavior in Additively … 213

Materials and Test Methods

In this experiment, samples are made from IN738LC powders that prepared by
vacuum induction gas atomization. The diameter of the powders is 15~50 μm. The
powders are cleaned by Ethanol and dried at 90°C for more than 6 h before used. The
L-PBF building machine is SLM 125 with the laser source of single YAG (yttrium
aluminum garnet) system. The building chamber is under argon atmosphere in order
to protect from oxidation. The samples are built layer by layer through selective laser
melting. In order to reduce the thermal gradient, the laser scanning direction in each
layer is rotated 67°. The chemical composition of the alloy is shown in Table 1.

In order to study the precipitation behavior of γ ‘after 850°C ageing treatment for
different time periods, the ageing time was set as 1, 10, 30 min, 1H (one hour), 3H,
8H, 16H, 24H, and 36H. The heat treatment method is shown in Fig. 2. OM (Optical
Microscope) and FE-SEM (Field Emission Scanning Electron Microscopy) were
used to observe and characterize the microstructure of samples after ageing. The
samples were subjected to electrolytic polishing followed by electrolytic corrosion.
The electrolytic polishing agent was 20%H2SO4 + 80%CH3OH, the voltage was
about 18~22 V, and the polishing time was about 5~10 s. The electrolytic corrosion
agent was 150 mlH3PO4 + 10mlH2SO4 + 15gCrO3, the voltage was 3~5 V, and the
corrosion time was about 1~5 s.

Small-Angle neutron scattering technology can give the microstructure infor-
mation in the nanoscale range of materials, such as morphology, size, distribution,
content, and interface information. It has the advantages of deep penetration, good
statistics, and simple sample preparation. It has beenwidely used in polymer, biology,
andmaterials research.Comparedwith other nanostructure characterizationmethods,
small Angle scattering also has the advantages of no special sample preparation, a
wide variety of samples, and abundant experimental results. The precipitation size
statistic software (Precipitation-Pro software) was adopted to calculate the size of γ

‘in this experiment. Then, Origin was used to calculate the frequency distribution of
precipitation size and calculate the average value of precipitation size for comparison.
The volume fraction and size change of the enhanced phase during heat treatment
were measured by SANS. The in-situ 850 °C ageing heating process is shown in
Fig. 1. After a rapid ramp-up to 500 °C, the scattering curve is collected by staying
at a low temperature of 500 °C for 5 min, followed by a ramp-up to 850 °C at a rate
of 20 °C/min for 2 h.

Table 1 Chemical composition of the IN738LC alloy (wt%)

Ni C Cr Co W Ta Mo Al Ti Fe Nb

Bal 0.1–0.2 15.7–16.3 8.9–9.0 2.4–2.8 1.5–2.0 1.5–2.0 3.2–3.7 3.0–3.5 ≤ 0.5 0.6–1.1
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Fig. 1 Heat treatment regime of in-situ 850 °C ageing

Fig. 2 OM image of the L-PBF as-fabricated products of IN738LC alloy a 3D image; b top view;
c and d and two other side view

Results and Discussion

Characteristic Microstructure of the L-PBF As-Fabricated
Sample

As mentioned above, the L-PBF process is a layer-wise building process. The heat
is mainly dissipated through the already solidified part, which means downward to
the base plate. Therefore, the grain growth direction will be mainly upward which is
in the inverse thermal gradient direction. The internal structure of the sample in the



Characterization of γ′ Precipitation Behavior in Additively … 215

initial state is shown in Fig. 2. It can be seen that channels (melt pool) overlapped
with each other. The longitudinal section of the sample is shown in Fig. 2c and d,
showing the horizontal arrangement of fish squamous molten pool structure. There
were no obvious cracks that could be observed by an optical microscope.

In order to study the characteristic grain orientation in the L-PBF as-produced
sample, EBSD for the sample are done, the results are shown in Fig. 3. Figure 3a and
c is colored with respect to the Z direction separately from top view and side view. As
can be seen, the Z direction (perpendicular to the building direction) shows a <001>
cubic texture. It can be clearly observed that the grains in the transverse section are
mainly equiaxed grains and the grains in the longitudinal section aremainly columnar
grains, which further indicates that there are columnar grains growing along the
forming direction in the longitudinal section. Figure 3b and d is colored with respect
to KAM (Kernel Average Misorientation) figure separately from top view and side
view, which can reflect the dislocation density and stress distribution in the alloy
to a certain extent. As can be seen, there is a high-level local misorientation in the
as-fabricated sample, especially at the grain boundary of each grain. The KAMvalue
is high, indicating that the stress is concentrated here and the dislocation density is
large. Besides, striated sub-structures can be characterized with widths ranging from
0.5 to 1.5 μm, as shown in Fig. 4.

Fig. 3 EBSD measurement from side view of sample: a coloring with respect to the IPF in Z
direction from top view; b KAM figure from top view; c coloring with respect to the IPF in Z
direction from side view; d KAM figure from side view;
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Fig. 4 Striated sub-structures of the L-PBF as-fabricated products of IN738LC alloy

Characteristic Microstructure After Different Time of Ageing
Heat Treatment

Figure 5 shows the changes of the internal substructure of the alloy after different
ageing times at 850 °C.When the ageing time is less than 1 h, the internal substructure
of the alloy is uniformly distributed, while a small amount of carbide is attached to
the boundary of the substructure. However, with further extension of the ageing time,
the internal substructure of the alloy disappears, i.e., the high temperature and long
ageing leads to dislocation recovery and reduction of small-angle grain boundaries,
while a large number of submicron γ’ phases can be observed.

The changes of γ’ phase inside the alloy after different ageing times at 850 °C
are showed in Fig. 6. A large number of nanoscale γ’ precipitates with irregular
curved short rods can be observed uniformly in the substructure at 1 min of ageing.
During the 850 °C isothermal heat treatment, the γ′ phase rapidly precipitates in
large quantities and shows a unimodal irregular sphere-like shape. The changes of
γ’ phase inside the alloy after different ageing times at 850 °C are showed in Fig. 6.

Figure 7 shows the size statistics of the γ’ phase inside the alloy with different
ageing times after analysis by the Precipitation-Pro software, and the average size of
the γ’ phase grows from about 40 nm at the initial ageing time of 1 min to 220 nm
at 36 h. The average size of the γ′ particles increases as aging time increases: After
isothermal heat treatment for 10 min, the average particle size is approx. 70 nm; and
it reaches 150 nmwhen ageing time is 3 h.When the ageing timewas extended to 8 h,
the size of γ′ particles did not continue to grow, which was about 220 nm. The results
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Fig. 5 Internal substructural changes of the alloy after different ageing times at 850 °C

of γ’ phase precipitation show that the initial alloy is in a supersaturated state, and
a large amount of γ’ phase is precipitated rapidly during the heating process, which
is completely precipitated at the early stage of ageing. The morphology of γ’ phase
shows an irregular rod shape with single-peak distribution, and the precipitation
behavior is obviously different from the alloys formed by conventional nucleation
growth.

In-Situ SANS Test

The quantitative information in the nanoscale range can be obtained by using the
small-angle scattering by neutrons technique, and statistical information such as
morphology, size, volume fraction of γ′ particle can be fitted by selecting appropriate
model parameters. SANS is a method used to analyze the peak in scattered Neutron
appearing at the scattering angle 2θ = 0°, although the data is usually expressed as a
function of the scattering vector Q, defined as |Q| = 4πsinθ/λ. The SANS intensity,
I(Q) can be described as follows:
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Fig. 6 Changes of γ’ phase inside the alloy after different ageing times at 850 °C

I (Q) = �ρ2
pNp

∞∫

0

Vp(r)Fp
2(Q, r) f p(r)dr (1)

Np is the number density factor, Vp is the volume of the particles, Δρp is the
difference in scattering length density, Fp is the form factor, f p is the size distribution
function. Here, p indicates a group of the particles described by the size distribution.
The typical scattering profile has two features, i.e., a relatively flat region in a log
I(Q)-log Q plot, up to the point where Q attains one half of the intensity maximum.

As shown in Fig. 8, the scattering intensity versus scattering vector is plotted at
different timenodes.During theheatingprocess,when the temperature rises to500°C,
the γ′ phase has not yet precipitated, there is no peak shape of the scattering curve
in the sample, which means no nanoscale inhomogeneous structure exists inside the
alloy. When the temperature increased to 850 °C, the peak shape appears in the scat-
tering curve, indicating the existence of nanoscale precipitation phase inside the alloy
at this time. When the temperature was further increased to 1000 °C, the intensity of
the scattering curve of the sample increased substantially and the size of the precipi-
tated coarsened. When the temperature rises to 1120 °C-the precipitation phase back
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Fig. 7 Identification statistics of the internal γ’ phase size of alloys with different ageing times at
850 °C

to the solubility point, the strength drops abruptly, at which time the internal precip-
itation phase of the alloy disappears. When the temperature drops again to 850 °C,
precipitation phase is larger in size, resulting in the higher intensity of the scattering
curve.

In order to specifically study the changes of precipitation phase size and volume
fraction during direct ageing, the data at the first 850 °C ageing were fitted. As shown
in Fig. 9, in the small scattering vector Q region, a clear peak shape appears after
ageing at 850 °C, and the corresponding scattering intensity increases continuously
with longer ageing time. The Hard Sphere model was used to analyze the relevant
experimental data in the lowQ region, and the multi-dispersionmodel LogNormwas
selected. The distribution trends of size and volume fraction with time are shown in
Fig. 10. With the ageing time increasing, the size of the scatter gradually increases
and the volume fraction is nearly constant, fluctuating around 40%. The size distribu-
tion of the resolved phase shifts to the right and the number density decreases. The fit
results are shown in Table 2. The fitted dimensions are slightly different from those
observed under SEMand TEM, and are smaller than themorphological observations,
which are considered to be due to the in-situ heating and interrupted observations as
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Fig. 8 Neutron small-angle scattering curves at different time points in in-situ heating; 850 °C-1:
the first arrival at 850 °Cduring the heating process; 850 °C-2: solid solution at 1120 °C and returning
to 850 °C for holding

well as the errors in the fitting function. The overall trend is consistentwith the dimen-
sional evolution observed under SEM at 850 °C. It is worth noting that precipitation
of γ′ phase is very fast and the volume fraction of γ′ phase does not change with the
extension of isothermal heat treatment time, reaching about 40% after 10 min, which
is quite different from that prepared by traditional casting process [22].

Fig. 9 Scattering curve of IN738LC under different ageing time at 850 °C
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Fig. 10 Size and volume distribution of the precipitated phase of IN738LC after different ageing
times at 850 °C a Precipitation phase size versus time; b Precipitation phase volume fraction versus
time)

Table 2 Results of fitting the
size and volume fraction of
the precipitated phase for
scattering curves after
different ageing times at
850 °C

Time Diameter (Å) Volume fraction (%)

10 min 72.5 39.6

20 min 89.8 39

30 min 101.5 40.2

40 min 108.6 39.5

50 min 116 40.4

60 min 119.8 39.1

70 min 123.4 39.5

80 min 126.9 39.1

90 min 130.2 38.6

100 min 135.3 40.1

110 min 133.9 378

120 min 137.3 38.6

Conclusion

There is no observable γ′ precipitation in the as-deposited alloy, while a large number
of small cellular and striated sub-structures can be characterized with widths ranging
from 0.5 to 1.5 μm.

During the 850 °C isothermal heat treatment, the γ′ phase rapidly precipitates in
large quantities and shows a unimodal irregular sphere-like shape. The average size
of the γ′ particles increases on prolonging the time:

After isothermal heat treatment for 10 min, the average particle size is 72.5 nm;
and it reaches 137.3 nm when ageing time is 120 min. However, the volume fraction
of γ′ phase does not change with the extension of isothermal heat treatment time,
reaching about 40% after 10 min.
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Chemical Mapping of Superalloys
at the Nanoscale
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Abstract Ni-based superalloys with applications to aerospace, nuclear, electrical,
and automotive industries contain various alloying elements for enhanced thermal
and corrosion resistance as well as improved mechanical strength. The underlying
property and long-term stability of the superalloys is directly correlated to the
processing conditions, materials structure, and alloying wt %. Hence, quantitative
materials analysis of the alloying elements is essential for current and future super-
alloy development and failure investigations. Alloying elements introduced in super-
alloys can segregate to grain boundaries or form nanoscale clusters either as a result
of processing conditions, secondary phase formation or failure from long-term use.
Thus, suitable techniques at the nanoscale are necessary for a quantitative analysis
and to understand the effect of clusters and segregation on material properties. APT
(atomprobe tomography) is the only analysis technique that canprovide 3Delemental
distribution with nm spatial resolution and up to 10 ppm chemical sensitivity to
investigate both grain boundary segregation and clusters. Moreover, new processing
techniques including additive manufacturing and nanoparticle-based alloys, further
require suitable analytical techniques at the nanoscale, like APT, to identify chemical
compositions. Herein, we use APT to better understand the influence of nanoscale
effects in standard samples of awidely usedNi-based superalloy.Our analysis reveals
differences in elemental distributions at low wt % that are responsible for material
properties such as mechanical strength and oxidation resistance. We also compare
bulk analysis using GDMS (glow discharge mass spectrometry), ICP-MS (induc-
tively coupled plasma mass spectrometry) with APT to show localized fluctuations
in the compositions.
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Introduction

Ni-based superalloys that were primarily developed by the aerospace industry
have seen increased application due to their high strength and corrosion resis-
tance in extreme temperature environments. Specially Inconel (Ni-based) alloys have
replaced traditional stainless steel (Fe-based) alloys as the material of choice for gas
turbine engine components, fan blades and parts for turbojet engines, exhaust systems
in rocket, engine components in automotive parts, and as well in nuclear reactor
cladding. This development has been made possible due to various alloying elements
added to improve specific mechanical and thermal properties. Cr aids in corrosion
resistance, Ta towards creep stress, oxidation resistance and casting processes, Al
toward oxidation resistance, B for ductility andmechanical resistance andCo towards
stacking fault energy mitigation [1].

However, stringent requirements and qualification on the material properties for
Ni-based superalloys are necessary due to their industrial applications in extreme
environments. Material analysis techniques such as GDMS, ICP-MS (inductively
coupled plasma-mass spectrometry), and IGA (instrumental gas analysis) have tradi-
tionally been used to identify and quantify the compositions of the alloying elements
(using GDMS and ICP-MS) and gas forming elements such as O, N, C, H, and S
(using IGA). GDMS is a highly sensitive and robust analytical tool for monitoring
elemental compositions and impurities in high-performance materials down to trace
and ultra-trace mass fraction levels. Although these techniques investigate the bulk
composition, enhanced performance of superalloys can be attributed to the influence
of the microstructure on mechanical properties. In this respect, TEM (transmission
electron microscopy) has been the technique of choice to understand dislocations,
crystal structure, and associated changes at grain boundaries. However, TEM fails to
accurately quantify nanoscale clusters coming from projection issues in 2D imaging
and composition below 1 at%. APT (atom probe tomography) is thus a crucial tech-
nique towards analysis of superalloy microstructure to complement the structural
information obtained from TEM. APT can provide analysis of segregating elements
along grain boundaries and intergranular uniformity, analysis of clusters using data
mining techniques and comparison of cluster versus matrix levels.

Based on extensive work in this field, a comprehensive understanding on the supe-
rior performance of Ni-based superalloy now exists as occurring from the formation
of Ɣ’ (Ni3Al/Ti) and Ɣ” (Ni3Nb) precipitate phases after thermal ageing. The early
workbyThomsonet al. [2] demonstrated the applicationofAPT towards high temper-
ature materials including carbide precipitates in steels and nickel-based superalloys.
The use of APFIM (atom probe field ion microscopy) and APT allowed analysis of
precipitates and segregating elements along grain boundaries. To this effect, Miller
et al. [1] and Blavette et al. [3] expanded on the application of APT to specifically
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Ni-based superalloys. Kindrachuk et al. [4] investigated Inconel 706 using both HR-
TEM and APT after direct ageing and modified stabilized heat treatment. Their work
helped towards understanding Ɣ’ and Ɣ” precipitates and also observing Nb clusters
around the precipitates. Bagot et al. [5] used APT for polycrystalline RR1000 Ni-
based superalloy. Gardner et al. [6] Þ onNi superalloys used for exhaust applications.
Alam et al. [7] also demonstrated B, P, and C segregation in Inconel 718 and Rielli
et al. [8] compared Inconel 718 with conventional and direct ageing for shape and
size of nano precipitates of Ɣ’ and Ɣ” phase, which occur during ageing. Alterna-
tively, Kulawik et al. [9] used EDX mapping and FIB-SEM-based tomography to
get volume fraction of Ɣ’ and Ɣ” precipitates. First principles methods were used by
Geng et al. [10] and Ebner et al. [11] and thermodynamic predictions by Miller et al.
[12] to provide enhanced correlation between microstructure observed by APT and
theoretical methods. Both Alam et al. [13] and Theska et al. [14] provided further
understanding on formation and growth of the Ɣ’ and Ɣ” precipitates in early stages
of the ageing process. Theska et al. [15] andViskari et al. [16] explored the challenges
on APT by exploring better analysis metrology with voltage and laser mode inves-
tigations as well as understanding the effect of the parameters on bulk composition
and analysis of cluster sizes.

While the advantage of using APT in investigating nanoscale homogeneity allows
observation and analysis of precipitates, one primary concern is the preferential evap-
oration of elements that affects accuracy of material compositions. Thus, to allow
APT to become a tool for quantitative analysis for superalloys, comparison with
standard samples as well as comparison with other techniques is necessary to estab-
lish suitable baselines. Herein, we use two commercially available Ni-superalloy
reference materials to compare compositions and nanoscale homogeneity using bulk
analysis techniques (GDMS, ICP-MS and IGA) with APT. The two reference mate-
rials used are from two different agencies, the first one fromNIST (National Institute
of Standards and Technology), which provides a standardized measurement infras-
tructure for US and the second one from ARMI (Analytical Reference Materials
International) that is part of LGCStandardswhich is part ofUK’s designatedNational
Measurement Institute. Through our analysis, we show that while bulk techniques
are still necessary for determining accurate compositions, nanoscale clusters and
segregations are observed with APT that can affect local composition. The clusters
are rich in Al; however in each case, different sets of elements are also either rich
or poor in the clusters. Possible reasons for deviations in composition obtained from
APT compared to standard samples are also discussed. Our results demonstrate that
standard samples would benefit from a nanoscale analysis to further understand onset
of microstructure precipitates as well as bridge the gap in accurate quantification of
composition using APT.
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Experimental

Materials Used

Two commercially available Ni-based alloy reference materials obtained in disk
form of size ~41 mm and ~19 mm thick were obtained for analysis; NIST SRM
1249 (referred to as Sample 1) and IARM 56H (referred to as Sample 2). NIST SRM
standard sample was prepared by Inco Alloys, Inc. (Huntington, WV) and IARM
56Hwas prepared byARMI/MBH.The reference standards have similar composition
with different levels of low-concentration elements (below1wt%)which can provide
a good comparison metric for APT and GDMS. The certified reference values for
the composition are available for download [17, 18].

GDMS and ICP-MS

GDMS (glow discharge mass spectrometry) was carried out on the disks at the EAG
Materials Science office in Syracuse. Multiple areas were chosen from the disks to
get average values for the composition. GDMS is a mass spectrometric technique,
which is based on glow discharge atomization/ionization source combined with a
high-resolution sector-field mass analyzer. Argon is typically used as the discharge
gas. Argon ions are accelerated towards the sample surface resulting in atomization
of the analyzed area layer by layer. The sputtered species are diffused into the plasma
where they are ionized. The ions are then extracted and subsequently accelerated into
a mass spectrometer where they are separated according to their mass to charge ratio,
permitting identification andmeasurement. The atomization and ionization processes
in the analytical GD cells are largely separated in space and time, which is critical
for the near matrix-independent quantification. Quantification is based on ion current
ratios, and relative sensitivity factors (RSF).

ICP-MS (Inductively coupled plasma mass spectrometry) involves digestion of
the sample to form a solution. The resulting sample solution is then nebulized, after
which the generated aerosol is transported into the core of an inductively coupled
argon plasma, where temperatures of approximately 9000 K are attained. At such
high temperatures, the solution aerosol is vaporized, and the analyte species are
atomized and ionized. In ICP-MS, ions generated in the high temperature argon
plasma core are subsequently accelerated into amass analyzer for both elemental and
isotopic analysis. Intensity measurements are converted to elemental concentration
by comparison with calibration standards. The analyses included in this study were
performed on a Thermo Fisher Scientific Element GDMS, and a solution-based
Perkin Elmer NexION 350D ICP-MS. Additional technical details are available [19].



Chemical Mapping of Superalloys at the Nanoscale 229

IGA

Ahigh temperature furnace is used to rapidly heat the sample and thereby convert gas
elements into volatile forms in order to separate, detect andmeasure them.The analyt-
ical method is based on the complete oxidation of the solid sample by combustion in
an oxygen plasma (above 2000 °C). The sample is placed in a ceramic crucible in a
high-frequency induction furnace where it is heated. The combustion of the sample
releases various gases, which are measured by appropriate detectors.

Sample Preparation for APT

Samples that were previously analyzed with GMDS were shipped from Syracuse,
and used as is for APT sample preparation without any prior surface modification.
The area chosen for the analysis was outside the GDMS analysis rings to ensure that
an accurate representation of the standard sample itself was obtained. Standard FIB
(focused ion beam) liftout procedures were used in order to prepare specimen tips
for analysis, as described below.

Sample disks were loaded into the Helios 460 Dualbeam from Thermofisher
Scientific. A thin ~200 nm Pt capping layer was placed on the area of interest using
electron beam-assisted deposition followed by a thicker ~500–700 nm Ga ion beam-
assisted Pt deposition. An 8 um long by 2 umwide sectionwas carved into the sample
using Ga ion beam milling at 30 kV accelerating voltage and ~2.5 nA beam current.
The Omniprobe micromanipulator was used to lift out the wedge section and 2–3
tips for each sample were attached on Si micro posts using electron beam-assisted Pt
in-fill. Subsequently, annular milling was carried out at 30 kV accelerating voltage
and at reducing beam currents from 0.8 nA to 40 pA to create a conical shape on
the specimen with an end radius less than 100 nm at the apex. A final low kV beam
raster at 2 kV and 40 pA aids in removing the Pt and creating a specimen tip.

APT Analysis

APT technique uses a cryogenically cooled specimen tipwith an apex radius <100 nm
to field ionize (by application of a DC bias) and field evaporate (by AC pulsed
voltage or laser) individual atoms that hit a 2D detector for spatial positioning.
Concurrently, a time-of-flight measurement provides a chemical signature of the
individual evaporating atoms. The LEAP 5000XR at EurofinsNanolab Technologies
is used to acquire data on the specimen tips. A minimum of 2 tips for each sample
were run at similar conditions to ensure direct comparison. The specimens were run
at a temperature of 50 K with a laser pulse energy of 50 pJ and laser pulse rate of
200 kHz. The collected data was reconstructed and analyzed using AP suite 6.1.
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While GDMS is a surface analysis technique, APT probes ~100 nm into the surface.
Moreover, sample preparation forgoes the first ~5–10 nm of the surface. In this case,
the APT analysis is expected to start ~10 nm below the surface. Additional technical
details are available [20].

Results and Discussion

For a thorough analysis of Ni-based alloys that are known to have a microstructure,
a nanoscale technique that can look within grain, at the grain boundaries and at
nanoscale clusters is necessary. APT is a 3D technique that provides nanoscale spatial
information alongwith ppm level chemical sensitivity that canmeet this requirement.
To understand the accuracy of APT towards quantitative analysis, the composition
of the alloy is investigated first. Table 1 provides the compositions for Sample 1,
comparing reference and certified values, GDMS results and composition analysis
from 2 tips for APT. Since, APT composition is in at %, while certified, reference,
and other analytical methods are reported in wt % the composition from APT is
converted from at % to wt %, using total ranged ions for each data set and atomic
masses for the most abundant isotope for that element from NIST database [21].
Table 1 shows that while certain elements have a close match between the certified
values and APT data, not all elements are accurately quantified. Specifically, Al, S,
C, and Zr from Table 1 are widely different from the certified and reference values.
Moreover, differences between the 2 datasets for bulk composition with APT are also
observed. GDMS provides composition of trace elements that matches with certified
and reference values. From Table 2, a similar observation is obtained with Al, B,
S, C, and P having widely different values compared to IARM certified values.
GDMS, ICP-MS, and IGA in this case provide good reliability in composition.
However, for the matrix elements in both cases, APT provides good agreement in the
element composition (within 2 at %) ensuring that minor experimental/data analysis
adjustments towards accurate values would improve reliability. Moreover, further
observations on nanoscale composition changes are also valuable from APT.

Bulk analysis techniques like GDMS works with the assumption that the compo-
sition is uniform throughout the sample area analyzed. In order to investigate whether
the compositions are homogenous, the 2D (two dimensional) ionic maps for each
element as obtained from APT are shown in Fig. 1. 2D ionic maps are shown in
the figures in lieu of 3D maps for ease of viewing which are also obtained using
APT. Figure 1a shows all the ionic maps for Sample 1 and Fig. 1b shows the ionic
maps for Sample 2. As seen from the maps, at the nanoscale, heterogeneity in the
composition is seen in both samples. Both Sample 1 and Sample 2 show two types
of non-uniformity. First is Al clusters that are nanoscale in size and contain O, while
the second type is Si segregation either along boundaries or within the bulk. Addi-
tionally for Sample 2, the Al clusters are also rich in other elements, such as S, Ti,
Cu, C, and Ga, which are uniform in Sample 1 (Fig. 1a). As seen in literature, the
microstructure of alloys has a correlation with ageing, annealing processes, strength,
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Table 1 Comparison of the overall bulk and low concentration composition analysis for Sample 1
using the reference values, two APT specimen tips, and GDMS. GMDS values are reported from
measured values. Significant figures for APT values are reported in accordance with reference
values from NIST. Certified values are provided for Al, Ti, Cr, Fe, Co, Ni, Cu, Nb and Mo. The
remaining are reference values

Element SRM 1249 (wt%) APT Dataset 1 APT Dataset 2 GDMS (wt%)

(wt %) (wt%)

Al 0.5682 0.1285 0.1263 Matrix

Cr 18.472 19.737 20.090 Matrix

Mg 0.0012 – 0.0025 0.0010

Nb 5.196 4.547 4.527 Matrix

Ti 0.959 0.944 0.930 Matrix

B 0.0023 0.0025 0.0025 0.0022

Cu 0.1402 0.1537 0.1494 -

Mn 0.108 0.125 0.120 0.1200

Ni 53.29 51.16 50.87 Matrix

S 0.00064 0.00554 0.02050 0.0008

V 0.0338 0.0671 0.0442 0.0360

C 0.0380 0.0008 0.0004 -

Fe 17.693 18.780 18.943 Matrix

Mo 3.112 3.427 3.445 Matrix

Si 0.120 0.156 0.151 0.1000

W 0.0846 0.0765 0.0670 –

Co 0.3371 0.5471 0.4382 Matrix

P 0.0134 0.0118 0.0301 0.0110

Ta 0.0027 – – 0.0021
–

Zr 0.0029 0.0950 0.0187

Ga 0.0019 0.0024 0.0096 0.0022

As 0.0013 0.0039 0.0026 0.0017

Sn 0.0024 0.0062 – 0.0021

Sb 0.00030 – – 0.0003

N – – – –

O – 0.0211 0.0103 –

and creep resistance [6–8, 13, 14]. The 2D maps reveal that even between the two
samples compared, the composition at the nanoscale is not the same and thus can
impact the microstructure.

Based on the 2Dmaps and compositional non-uniformity, the extent of the change
in the elements is also important to understand. For the case of Al, the size of the
clusters, the density, and the composition are parameters of interest to compare
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Table 2 Comparison of the overall bulk and low concentration composition analysis for Sample 1
using the reference values, two APT specimen tips, and GDMS

Element 56H (wt%) APT Dataset 1 APT Dataset 2 GDMS (wt%)

(wt %) (wt%)

Al 0.51 0.20 0.11 0.4100

Cra 17.86 19.03 18.52 17.7000

Mg 0.0010 0.0029 0.0033 0.0009

Nba 5.20 4.66 5.20 5.1900

Tia 0.96 0.97 0.98 0.9500

B 0.0045 0.0011 0.0011 0.0049

Cu 0.012 0.054 0.061 0.0082

Mn 0.040 0.048 0.048 0.0420

Nia 53.8 51.5 52.0 53.9000

Sb 0.0005 0.0583 0.0732 <0.0005

V 0.025 0.039 0.037 0.0300

Cb 0.0248 0.0008 0.0062 0.0240

Fea 18.6 19.5 19.0 18.2000

Moa 2.90 3.26 3.36 2.8900

Si 0.054 0.087 0.083 0.0560

W 0.014 0.006 0.006 0.0059

Co 0.049 0.415 0.317 0.0520

P 0.0052 0.0156 0.0988 0.0059

Ta 0.006 0.003 0.003 0.0039

Zr – 0.0562 0.0421 0.0001

Ga – 0.0120 0.0167 0.0013

As – 0.0052 0.0039 0.0011

Sn – 0.0042 0.0083 0.0002

Sb – – – 0.0001

N 0.0062 – – –

O – 0.0575 0.0055 –

aThese elements were determined by ICP-OES instead of GDMS and bwere analyzed by IGA.
GMDS, ICP-OES, and IGA values are reported from measured values. Significant figures for APT
values are reported in accordance with reference values from IARM

between samples as well in aged samples. Figure 3 shows the analysis on the clusters
for both samples. Sample 1 shows a smaller overall size of clusterswithin the analyzed
volume.Moreover, the clusters are dispersed sporadically within the analysis volume
indicating that a number density does not make sense to calculate for this case.
Figure 2a–b shows theAlmap and correspondingly all the clusters thatwere identified
using a 1.5 at% iso-concentration surface for Al. Figure 2c shows the clusters that
were selected for further analysis for the composition. Four clusters are chosen in this



Chemical Mapping of Superalloys at the Nanoscale 233

Fig. 1 2D ion map for each of the certified and reference elements in Ni-based superalloy for a
Sample 1 and b and Sample 2. Non-uniform distribution is seen for Al, Si, and P for Sample 1 and
for Al, Ti, Si, Cu, S, C, and Ga is seen for Sample 2

case to give an average value that would be more representative. The cluster extent
in all three dimensions is shown in Fig. 2d. Figure 2e–f shows the elements that are
either higher or lower within the cluster as compared to the matrix (right versus left
of the 0 nm mark on the x-axis). Specifically, clustering of Al is accompanied by an
increased concentration of O and P and a decrease in concentration of Ni and Fe.
On the other hand, the clusters obtained in Sample 2 and the Al composition are
shown in Fig. 2g–h as well as the three clusters used for the average composition are
shown in Fig. 2i. The cluster extent as seen from Fig. 2j has sizes even over 10 nm.
However, in this case the clustering of Al is not only accompanied by an increase in
O but also P, C, Cu, S, and Ti. Concurrently a decrease in Cr, Fe, Ni, and Nb signals
is seen in the cluster. The different elements that are clustering in Sample 1 versus 2
indicate that there are differences in the two samples from the onset that could likely
carry forward in machined and prepared parts.

Compared to the changes in concentration seen in the clusters, Fig. 3 shows the
changes in composition for Si. Figure 3a shows the cylindrical feature of size 25 nm
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Fig. 2 Analysis of clusters for Sample 1 and 2. a Shows the ionic map for Al with evidence of
clusters for Sample 1 and (g) for Sample 2. b Shows all the clusters that were identified for an
iso-concentration surface of 1.5 at% for Sample 1 and (h) Sample 2. c, j Shows the clusters that
were chosen for analysis in d–f for Sample 1 and k–l for Sample 2. A difference in the elements
that are clustering, and their concentration amounts are seen in e, f for Sample 1 versus k–l for
Sample 2

by 25 nm and 45 nm long that is chosen for Sample 1 and (c) for Sample 2. Figure 3b
and d show changes in the Si composition below 1 at% for both cases.

Based on the observations from Sample 1 and Sample 2, the difference in
quantification for Al, B, S, C, P, and Zr could be explained as follows:

(a) for the case of Al and S in Sample 1 and Al, C, S, and P in Sample 2, the
non-uniform distribution could indicate that while larger volumes have a constant
value, the local value in nanoscale volumes can be different, which is evidenced in
this case both by the total value for that data set and the clusters from Figs. 1 and
2. In contrast, for the case of Si, one of the reasons for systematic slightly higher
composition in Tables 1 and 2 could be due to the much lower compositional changes
as seen from Fig. 3.

(b) for the case of B, an underestimationwhich is also seen in Si-B films [22] could
be due to the conditions needed to run the tips. Oneway to solve thiswould be to focus
on B separately and run the samples at different conditions that are conducive to B
and not the other elements. (c)With Zr and some of the other elements which are still
different in composition, but are uniform in composition, the most likely explanation
falls to the mass overlaps that APT faces in analysis for a multi-element system.
Multiple overlaps are seen across the full list of elements and while the decomposed
peak count for each sample is used in Tables 1 and 2, the full deconvolution for
such a large set of elements is not possible to do directly without any additional
post-processing and sample runs. However, comparison of data between samples
provides a systematic analysis of the trends involved.
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Fig. 3 Analysis of Si segregation for Sample 1 (a, b) and Sample 2 (c, d). A similar segregation
level is seen in both cases

Conclusions

In conclusion, two different standard samples were evaluated with GDMS, ICP-
MS, IGA, and APT to provide a comparison for the accuracy of the bulk composi-
tion. While GDMS provides better accuracy in overall composition, APT uniquely
captures the potentially critical compositional heterogeneity at the nanoscale and
can provide further analysis on the form and nature of it. The standard samples and
comparative analysis will help to move APT from a qualitative to quantitative tech-
nique. Differences in standard samples are essential for qualification of feedstock
and base materials used towards comparing new manufacturing approaches such as
additive manufacturing. As such GDMS, ICP-OES, XRF, ICP-MS, and IGA will
undoubtedly be essential in quantifying bulk compositions. However APT provides
both a 3D visual analysis and understanding of the microstructure within grains and
at nanoscale grain boundaries which can be linked to mechanical strength, fatigue,
ageing, creep stress, and processing conditions.
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Compatibility of Wrought Superalloys
with Supercritical CO2

B. A. Pint

Abstract Supercritical CO2 (sCO2) power cycles, particularly direct-fired cycles,
have the possibility of revolutionizing clean fossil energy with peak temperatures
above 700 °C and wrought precipitation strengthened alloys like Haynes 282™ for
structural components. At temperatures <650 °C, it would be desirable to use less
expensive alloys, however, steels are known to be susceptible to carburization. Labo-
ratory 300 bar sCO2 autoclave results were collected on a range of alloys including
less expensive Ni-based alloys like 825 compared to advanced austenitic steels like
alloy 709 at 600 °C. Both alloys 825 and 709 formed thin, protective Cr-rich oxides
after 1,000 h.Alloy 825 alsowas exposed for 1,000 h in sCO2 at 800 °C and compared
to a range of Ni-based alloys. Comparing alloys 625, 825, and 282, the mass gain
increasedwith increasing alloyTi content under these conditions.HighAl superalloys
did not perform significantly better under these conditions at 800 °C.

Keywords Supercritical carbon dioxide · Environmental resistance · High
temperature oxidation

Introduction

Supercritical CO2 (sCO2) is a potential working fluid for a number of power gener-
ation technologies including fossil, nuclear, geothermal, concentrating solar power
(CSP), and waste heat recovery [1–4]. The supercritical state offers a unique set of
properties and CO2 has a relatively low critical point (31 °C/73.8 bar). Nickel-based
alloys have been found to be very compatiblewith sCO2 at 700–800 °C [5–13], where
greater than 50% cycle efficiency is predicted [14]. Considerable development work
was completed by the Advanced Ultra-supercritical (A-USC) consortium which had
a goal of increasing steam temperatures to 760 °C/34.5 MPa (1400°F/5000 psi)
in fossil-fired boilers [15]. The accomplishments included qualifying precipitate-
strengthened (PS) γ/γ’ alloys 740 (and 740H) and 282 [16, 17] into the ASME boiler
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and pressure vessel code. Their high strength reduces the required wall thickness on
pipes and tubes compared to conventional solid solution strengthened (SS) alloys
(e.g., 625, 230, 617) [11].

However, for sCO2-based power cycles to be commercially competitive, lower
cost materials are needed in the lower temperature components in the cycle. There
is concern about the use of steels in sCO2 because of prior experience with Grade 9
(Fe-9wt.%Cr-1Mo) in the UK advanced gas cooled reactors (AGRs) operated with
42 bar CO2 (sub-critical conditions) at ≤550 °C where severe internal carburization
was observed [18]. A review concluded that creep-strength enhanced ferritic (CSEF)
9–12%Cr steels were limited to 450 °C in sCO2 [19], significantly lower than the
580°-600 °C limit in supercritical steam [20]. A nuclear fuel cladding study found
that a stainless steel such as type 316FR had much better oxidation resistance than
9–12%Cr CSEF steels in sCO2 but 316FR began to show accelerated oxidation at
600 °C [21]. Carbon ingress in Fe-based alloys exposed to CO2 environments has
been observed for many years [22–24] but more recent studies by Young and co-
workers [25, 26] have clearly explained the thermodynamic driving force for this
behavior.

The current work is focused on identifying lower cost alloys for sCO2 cycle
components, particularly in the transition region where steels may not be sufficiently
compatible with sCO2. The current comparison included the high-Fe content, lower
cost, alloy 825, and conventional and advanced austenitic steels at 600 °C. Alloy 825
also was exposed at 800 °C and compared to Ni-based PS and superalloys and one
Co-based alloy that may be candidates for sCO2 turbine components.

Experimental Procedure

The chemical compositions of the structural alloys studied are shown inTable 1.Alloy
coupons (~12 × 20 × 1.5 mm) were polished to a 600 grit finish and ultrasonically
cleaned in acetone and methanol prior to exposure. The specimens were exposed for
500-h cycles at 600° and 800 °C in 300 bar research grade (RG) sCO2. Previously,
the H2O content of the RG CO2 was measured by the vendor in 6 cylinders as 4.1 ±
0.7 ppmand theO2 content is reported as <5 ppm [13]. The exposureswere conducted
in a vertically oriented autoclave (~266 mm × 83 mm inner diameter) made from
alloy 282 and operated inside a three-zone furnace with an alloy 282 sample rack that
sat on the bottom of the autoclave. The fluid flow rate was ~2 ml/min and additional
details of the systemhave been provided elsewhere [6, 9, 12, 13]. The specimenswere
heated to temperature over several hours (~2 °C/min) in sCO2, held at temperature
± 2 °C, and cooled in CO2 to room temperature after exposure.

Because of variability observed in previous experiments, 4–6 coupons of each
alloy were exposed in each condition with one specimen removed after 500 h.
Before and after exposure, all specimens were weighed using a Mettler Toledo
model XP205 balance with an accuracy of ± 0.04 mg or 0.01 mg/cm2. For charac-
terization, specimens were Cu-plated before being sectioned and mounted for light
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Table 1 Alloy compositions determined by inductively coupled plasma and combustion analyses

Alloy Fe Ni Cr Al Si Other

316H 69.5 10.0 16.3 0.02 0.46 2.0 Mo, 0.84 Mn, 0.3 Co, 0.3 Cu, 0.041 C, 0.04 N

CF8C-Plus 61.1 12.8 19.3 0.01 0.57 3.9 Mn, 0.4 Mo, 0.5 Cu, 0.95 Nb, 0.09 C, 0.22 N

253MA 64.6 11.1 20.6 0.01 1.6 0.69 Mn, 0.3 Mo, 0.3 Cu, 0.17 Co, 0.03 Ce, 0.01 La, 0.31
C, 0.15 N

709 51.3 25.2 20.1 0.01 0.41 1.49 Mo, 0.89 Mn, 0.23 Nb, 0.02 Ti, 0.15 N, 0.06 C

825 30.8 39.5 22.7 0.18 0.34 3.0 Mo, 1.7 Cu, 0.97 Ti, 0.55 Mn, <5 ppmS, 0.02 C

617 1.2 54.6 22.3 1.0 0.05 11.9 Co, 8.2 Mo, 0.4 Ti, 0.12 W, 0.04 Mn, 0.06 C

282 0.16 57.1 19.6 1.6 0.04 10.6 Co, 8.6 Mo, 2.2 Ti, <3 ppmS

247 0.07 59.5 8.5 5.7 0.03 9.8 Co, 9.9 W, 0.7 Mo, 3.1 Ta, 1.0 Ti, 1.4 Hf

X4 0.05 60.8 6.4 5.8 0.02 9.5 Co, 6.5 Ta, 6.4 W, 2.9 Re, 0.96 Ti, 0.6 Mo, 0.08 Hf

NAFA 9.6 62.4 16.4 4.2 0.01 5.4 Mo, 0.5 Ti, 0.4 W, 0.6 Mn, 0.3 C, 0.06 Zr, 0.01 La

188 2.2 22.3 23.2 0.2 0.3 35.4 Co, 14.7 W, 1.0 Mn, 0.1 Ti, 0.04 La

microscopy and scanning electron microscopy (Tescan model MIRA3) equipped
with energy-dispersive X-ray spectroscopy (EDS).

Results

Figure 1 shows the mass change data for specimens exposed to 300 bar RG sCO2

for 500 and 1000 h at 600 °C. The conventional 316H austenitic steel specimens
showed high mass gains under these conditions. Table 1 shows that it has the lowest
combination of Cr and Ni, and it will not be further discussed here. Specimens of
cast CF8C-Plus and wrought 253MA showed considerably lower mass gains under
these conditions. This is an expected benefit of higher Cr and Ni contents in these
alloys, Table 1. However, the mass gains were much higher than the 709 and 825
specimens, Fig. 1.

Figure 2 shows polished cross-sections of one of the specimens after 1000 h sCO2

exposures at 600 °C. The 253MAandCF8C-Plus specimens showedmore significant
nodule formation than the 709 and 825 specimens, consistent with the mass change.
Characterization using EDS revealed that the nodules were Fe-rich with the typical
duplex structure of inward-growing Cr-rich spinel-type oxide and outward-growing
Fe-rich oxide. The higher Ni and Cr contents in these alloys may prevent the nodules
from growing and spreading to form a continuous duplex structure, like that formed
on 316H in sCO2 at 650 °C [27]. However, longer exposures are needed to determine
to what extent the nodules will continue to grow. Perhaps of more importance is
the C ingress that may have occurred during exposure. Those measurements, by
bulk combustion analysis and surface measurements by sputtering glow discharge
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Fig. 1 Specimen mass change after 500 and 1000 h at 600 °C in 300 bar sCO2. The whiskers show
one standard deviation of 3–6 specimens exposed at each condition

optical emission spectroscopy (GDOES) or electron-probe microanalysis (EPMA)
using wavelength dispersive spectroscopy, are in progress.

Figure 2c and d shows the thin reaction products formed on 709 and 825 speci-
mens, respectively. Because the Cu plating separates at the scale interface, the scale
on the 709 substrate looks thicker in Fig. 2c. Higher resolution SEM imaging was
needed to characterize the scale. A few small oxide nodules also were observed on
these specimens. Figure 3a shows a SEM image of the thin scale formed on alloy 709
at 600 °C. The associated EDS maps in Fig. 3 show that the oxide scale is enriched
in Cr, Mn, and a small amount of Si. The Cr map in Fig. 3b shows Cr depletion near
the metal-scale interface but the ~1 μm spatial resolution of EDS makes it difficult
to quantify the depletion which appears to be on the order of 1 μm in depth. Figure 4
shows a similar SEM/EDS analysis of one alloy 825 specimen exposed for 1000 h
at 600 °C. In this case, the Cr-rich oxide appears to contain Ti and Mn with some
Mo-rich precipitates evident. Figure 4b also shows a small amount of Cr depletion

Fig. 2 Light microscopy of polished cross-sections of specimens after exposure to 300 bar sCO2
for 1000 h at 600 °C a 253MA, b CF8C-Plus, c 709, and d 825
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near the metal-scale interface that was measured as 15 wt.% (compared to 22.7%Cr
measured in the bulk alloy, Table 1).

Figure 5 shows mass change measurements after 500 and 1000 h at 800 °C in
300 bar RG sCO2. Despite the high Fe content (30.8%) in alloy 825, the averagemass
gains for this Cr2O3-forming alloy were similar to those for 282 and slightly higher
than the specimens of alloy 617 and Co-based alloy 188. Figure 6a shows example
cross-sections of the scales formed after 1000 h at 800 °C in sCO2. The external scale

Fig. 3 a SEM secondary electron image of alloy 709 polished cross-section after 1000 h exposure
to 300 bar sCO2 at 600 °C and b–f associated EDS maps

Fig. 4 a SEM secondary electron image of alloy 825 polished cross-section after 1000 h exposure
to 300 bar sCO2 at 600 °C and b–f associated EDS maps
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formed on 825 (Fig. 6b) was slightly thicker than that formed on 282 (Fig. 6a) but
with less internal oxidation. Additional characterization of the Cr2O3-forming alloys
is in progress. A glow discharge optical emission spectroscopy (GDOES) sputter
depth profile of the 825 specimen exposed for 1000 h at 800 °C in sCO2 showed no
evidence of C ingress, similar to other Ni-based alloys exposed for up to 10,000 h at
750 °C in sCO2 [13].

Similar to observations at 750 °C [12] and 900 °C [28], themass gains were higher
for the specimens of 247, which does not form an Al-rich scale in CO2 environments
but shows significant internal oxidation of Al. An example cross-section from a 247
exposed at 800 °C is shown in Fig. 6c. For comparison, specimens were included of
other Al2O3-forming alloys, superalloy X4 and a new wrought Ni-based alumina-
forming austenitic alloy, designatedNAFA,Table 1. Lowermass gainswere observed
for these alloys but not significantly different than the best Cr2O3-forming alloy 617;
see Fig. 5. A cross-section of one X4 specimen is shown in Fig. 6d. It appeared to
have less internal oxidation than the 247 specimen.

Fig. 5 Specimen mass change after 500 and 1000 h at 800 °C in 300 bar sCO2. The whiskers show
one standard deviation of 3–6 specimens exposed at each condition

Fig. 6 Light microscopy of polished cross-sections of specimens after exposure to 300 bar sCO2
for 1000 h at 800 °C a 282, b 825, c 247, and d X4
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Discussion

The alloy 825 specimens performed well at both temperatures which suggests the
alloy would be a good candidate for sCO2 components in the 550–700 °C range.
The high Fe content in this alloy did not appear to have a negative effect on sCO2

compatibility but longer exposures may be needed to evaluate possible C ingress.
The initial GDOES results suggest that the Cr-rich scale formed on alloy 825 acts as
a C diffusion barrier [24].

Many of the observations appear to be well-explained by composition effects. At
600 °C, the best results for a Fe-based alloywere for 709, which contained the highest
Cr and Ni contents. The results for CF8C-Plus and 253MA suggest that additions
of high levels of Mn (CF8C-Plus) and Si or mischmetal (Ce,La) are not sufficient
to prevent Fe-rich nodule formation in sCO2. While Mn and Si can clearly become
incorporated into the scale at 600 °C (Fig. 3), this may be too low a temperature for
reactive elements like Ce and La to show a beneficial effect [29]. The relatively low
Ni contents in these two alloys may be an issue in preventing nodule formation.

At 800 °C, for the Cr2O3-forming alloys, the importance of Al and Ti additions
has been shown previously [13, 30]. The alloys 617, 825, and 282 with increasing Ti
contents show increasing mass gains. Figure 6a and b comparing the Cr-rich scales
formed on 282 and 825 suggests a thicker external scale on 825 with less internal
oxidation than 282. This is likely due to the lower Al content in 825 [30]. For 247,
the high Hf content (1.4%)may contribute to the internal oxidation, which was not as
significant for X4, with less Hf (0.08%), Table 1. Both alloys have similar Al contents
and would be expected to form a continuous Al2O3 scale at higher temperatures.
Component fabrication might benefit from pre-oxidation to initiate a slow-growing
α-Al2O3 scale at a higher temperature without CO2.

Finally, an aspect that has not been addressed yet is the effect of high O2 and
H2O impurities in the sCO2 from combustion in the direct-fired Allam cycle [4]. At
750 °C, little difference in reaction rates was noted between RG sCO2 and the low
levels (≤50 ppm) of impurities possible in industrial grade sCO2 [12]. However, the
higher impurity levels expected forAllam cycles, compared to indirect-fired or closed
cycles, have been shown to affect reaction rates at 450–750 °C [12, 31]. Further work
is needed to determine if alloy 825 is affected by high impurity levels. Only limited
work has been conducted on the effects of impurities in sCO2 at elevated temperatures
[7, 12]. Despite decades of operation, it is not clear from the published literature how
the additions (CH4, H2O, etc.) in the AGR CO2 used to prevent oxidation of the
graphite moderator in the reactor core may have affected alloy performance in that
environment.
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Summary

Alloy 825 was compared to a group of advanced austenitic steels at 600 °C and Ni-
based alloys at 800 °C in 300 bar research grade supercritical CO2. After 1,000 h at
600 °C, only the advanced austenitic steel alloy 709 performed as well as 825 under
these conditions with both alloys forming thin, protective Cr-rich oxides. Alloy 825
also performed well after 1,000 h in sCO2 at 800 °C compared to a range of Ni-based
alloys. Among the Cr2O3-forming alloys, the performance of 825 may be explained
by its Ti content compared to alloys 617 and 282. High Al content superalloys did
not perform significantly better under these conditions at 800 °C.
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Effects of High-Temperature Oxidation
on Fatigue Life
of Additive-Manufactured Alloy 625

Grace de Leon Nope, Guofeng Wang, Juan Manuel Alvarado-Orozco,
and Brian Gleeson

Abstract The effect of isothermal oxidation on the fatigue performance of differ-
ently processed Alloy 625 was studied (wrought 625, laser powder bed fusion,
direct energy deposition). Uniaxial fatigue tests at room temperature were conducted
after prior exposures at 800 °C for 24 h, 300 h, and 1000 h in either air or argon.
Exposures in air resulted in chromia-scale formation, internal attack, and the forma-
tion of subsurface precipitates (i.e., δ-phase and σ-phase). Fatigue results indicated
a consistent life reduction of up to 96% for the oxidized additive-manufactured
test bars compared to their counterpart aged in back-filled argon. The fatigue life
decreases as the oxidation exposure time increases. By contrast, any of the prior
high-temperature exposures were not detrimental to the performance of the wrought
Alloy 625. Microstructural analysis of the after-testing oxidized AM-processed bars
indicated that the failure mode was attributed to the exacerbation of interfacial and
subsurface defects from the oxidation exposure (i.e., internal attack, decohesion of
the scale, and subsurface precipitates). These defects acted as preferential crack-
initiation sites, leading to a reduction in fatigue life. On the other hand, the failure
mode for the thermal-aged bars, without superficial degradation, involved fragmen-
tation of (δ + σ) precipitate clusters favored by the Nb and Mo segregation from the
as-built microstructure of both AM processes (LPBF and DED). A large precipitate
fraction depletes the matrix, facilitating crack formation.
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Introduction

Alloy 625 is a nickel-based superalloy strengthened mainly by niobium and molyb-
denum in a solid solution. The alloy shows outstanding mechanical properties and
goodweldability [1] and can be used at temperatures ranging from cryogenic to about
900 °C. As a result, it is used for service in harsh environments such as those found
in gas turbines, chemical reactors, and sea-water applications. Oxidation of Alloy
625 typically involves the formation of a continuous chromia (Cr2O3) scale along
with internal oxidation. Even though a chromia scale can provide good oxidation and
corrosion resistance, the internal attack has the potential to reduce fatigue life [2].

Several studies have assessed the effect of prior oxidation on fatigue performance,
showing a potential for internal oxides to act as preferred crack-initiation sites in Ni-
based alloys used in rotor disc applications [2–5]. A study of ME3 alloy, also known
as Rene 104, showed that notch fatigue life reduction is proportional to the oxide
scale thickness and the internal oxidation depth, where the testing was performed in
air at 704 °C [4]. Specifically, life reduction was attributed to carbide dissolution in
the depleted region and internal oxidation. Gabb et al. [5] also reported a reduction in
the low-cycle fatigue life reduction of alloy U720 at 650 °C andME3 alloy at 704 °C
due to internal oxidation. Cracks in non-oxidized samples were shown to initiate
at the subsurface (~50 μm below the surface), whereas oxidized samples showed
initiation at the surface. To the best of the authors’ knowledge, no reports have been
published regarding the effects of oxidation on the fatigue behavior of Alloy 625.

Prior studies on the oxidation behavior of additivelymanufactured (AM) chromia-
forming Ni-based alloys have shown differences in comparison to counterpart
conventionally processed alloys that have a potential to affect fatigue performance.
For example, oxidized LPBF(laser powder bed fusion)-Alloy 718 was found to
exhibit deeper internal attack and a faster internal oxidation rate [6]; whereas studies
on oxidized LPBF-Alloy 625 reported higher spallation [7], abundant subsurface
voids [8], and an increase of subsurface δ-precipitates [9]. The current study compares
the oxidation of as-printed LPBF, as-printed DED (directed energy deposition), and
fully heat-treatedwrought Alloy 625 and evaluates the impact of the oxidation-driven
features on the subsequent fatigue performances.

Experimental

Materials

Alloy 625 fabricated by three different manufacturing methods was investigated.
The two laser-assisted AM processes selected were LPBF and DED. Commercially
available wrought Alloy 625 was used as a conventional manufacturing method for
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Table 1 Measured chemical composition (wt.%) of the wrought and powder Alloy 625 used in
this study

Cr Mo Nb Fe Si Al Ti Mn Co Ni

Wrought 21.1 8.52 3.58 4.67 0.21 0.17 0.13 0.05 0.03 Balance

Powder 21.6 9.18 3.72 4.79 0.16 0.27 0.26 0.04 0.05 Balance

comparison. Argon-atomized pre-alloyed powder provided by VDM Metals was
used for both AM processes. The powder had a unimodal distribution, with d10 =
27.9μm, d50 = 44.5μm, and d90 = 63.5μm. Table 1 presents the composition of the
wrought and the pre-alloyed powdermeasured by inductively coupled plasma optical
emission spectroscopy (ICP-OES). Regarding LPBF, 15 mm × 80 mm × 15 mm
(height) samples were fabricated using an EOSINT M 280 system (EOS GmbH-
Electro Optical Systems, Germany). The following LPBF laser parameters were
used: 40 μm of layer thickness; 960 mm/s of scan speed; 110 μm of hatch distance;
striped laser pattern with 67° rotation between layers. Regarding DED, 50 mm ×
80 mm × 20 mm (height) samples were fabricated using a custom-built system,
consisting of a three-port coaxial head BEO D70, with a laser source TruDisk6002
(Trumpf, Saalfeld, Germany), and a robotic arm IRB6620-120 (ABB Ltd., Zürich,
Switzerland). The following DED laser parameters were used: 1 mm of layer thick-
ness; 4 mm/s of deposition speed; 5 g/min of powder feed rate; 850W of laser power;
and 3 mm of hatch distance.

Static Oxidation of Flat Coupons

Oxidation of flat coupons was investigated as a reference to characterize the oxide-
induced microstructure in the absence of loading. Coupons of approximate dimen-
sions 10 mm× 10 mm× 2 mmwere obtained using a low-speed saw from the LPBF
and DED cubes, both in as-built conditions. The surface was prepared to a P600-SiC
finish and thenultrasonically cleaned in ethanol. Theflat couponswere oxidized in lab
air at 800 °C for 24, 300, and 1000 h in an open furnace. After testing, cross-sections
of the coupons were preparedmetallographically, and themicrostructure was charac-
terized using scanning electronmicroscopy (Apreo system, ThermoFisher Scientific,
Waltham, MA, USA) at 15 keV.

Fatigue Test Bars Preparation

For the fatigue tests, thermal aging (TA) and oxidation (OX) treatments were done
for samples processed by each manufacturing method to independently evaluate the
contributions from oxidation and the concurrent evolution of microstructure due to
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Fig. 1 Fatigue test bar dimensions following ASTM E466-07. Measurements shown are in mm

high-temperature exposure (i.e., phase transformation, grain growth, recrystalliza-
tion). Both these exposures were conducted on as-printed test bars for 24 h, 300 h,
and 1000 h at 800 °C in a horizontal furnace. Laboratory air was the atmosphere for
the OX exposures, whereas argon was used for the TA exposures.

Cylinders were cut from the bulk AM samples by wire electrical discharge
machining (EDM) and then machined by computer numerical control (CNC) milling
to obtain the final geometry illustrated in Fig. 1. The standard hourglass-shaped test
bar used for the fatigue testing is in accordance with ASTM E466-07. Each fatigue
test bar had a gauge length of 31.4 mm and a minimum gauge diameter of 5.08 mm.

For the OX conditions, the test bar surface finishing was prepared using 320-
grit SiC paper and the results of internal attack depth and oxide thickness were
compared to previous work [9]. On the other hand, the TA test bars were polished to
amirror finishwith a very fine non-woven alumina polishing pad to avoid detrimental
interference of a high surface roughness on the fatigue life.

Fatigue Testing

Uniaxial fatigue testing was conducted at room temperature using an MTS servo-
hydraulic universal testmachine (MTS880 landmark,MTS,EdenPrairie,Minnesota,
USA) under load control mode. A stress ratio R = −1 was used (R = σmin/σmax),

following a sinusoidal waveform at a frequency of 36–38 Hz. All experiments used
a maximum stress level of 440 MPa and the fatigue run-out condition was set to 107

cycles. Every condition was performed in duplicate, except for the DED at 300 h in
OX and TA conditions.

After testing, fractographic analysis was done using an optical microscope Smart-
zoom 5 (Carl Zeiss, Jena, Germany) to identify crack-initiation sites. A cross-
section of the fractured sample, parallel to the load axis, was then cut from the
main crack initiation and prepared metallographically to characterize secondary
cracking and degradation. Eight micrographs at 5000× magnification per sample
were examined via SEM at 15 keV. Microstructural features after fatigue testing,
including oxide thickness and maximum depth of internal oxidation, were quanti-
tively measured using Gwydion software (Czech Metrology Institute, Brno, Czech
Republic). Subsurface precipitate area and average precipitate aspect ratio were
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measured using Particleanalyzer_HD software [10] (University Hospital Heidel-
berg, Heidelberg, Germany), where precipitates consisted of δ-phase and σ-phase.
Finally, the linear detachment fraction, the non-planar oxide/metal interface index,
and the interfacial defects area were calculated based on metrics acquired using
ImageJ software (National Institutes of Health, Bethesda, MD, USA). The term
“interfacial defect” is used in this study to refer to the formation of free space at
the oxide/alloy interface. The linear detachment fraction was calculated as the ratio
between the interfacial length without oxide divided by the total interfacial length at
the external oxide/metal interface. The non-planar interface index, a measurement
related to roughness, was estimated as the ratio between the total interfacial length at
the external oxide/metal interface divided by the length if that interface is perfectly
flat.

Results and Discussion

Oxidation Behavior of Flat Coupons

Our previous study showed the as-built microstructure of the studied samples and
their effect on oxidation at 800 °C for 24 h [9]. Summarizing, both AM samples
possess a cellular-dendritic structure. Interdendritic regions exhibit high segregation
of Nb and Mo, and dendritic regions are constituted by FCC γ(Ni–Cr–Fe) matrix
depleted of Nb and Mo. The average grain size of the wrought (25.6 μm [95% CI,
23.9–27.3 μm]) and the LPBF (26.8 μm [95% CI, 24.5–29.0 μm]) are in the same
order of magnitude, while DED grain size (150.1 μm [95% CI, 132.7–167.5 μm])
is six times greater. After oxidation at 800 °C in the air for 24 h, wrought, LPBF, and
DED samples formed a protective external scale comprised mainly of chromia, and
δ-phase precipitates beneath the chromia. The greater the Nb and Mo segregation
in the as-built condition, the higher the δ-precipitate fraction [9]. Other studies on
the oxidation of Alloy 625 report the same features, as well as some Mn–Cr spinel
oxides at the scale surface [7, 11, 12].

In this study, exposures were extended to 300 h and 1000 h at 800 °C. Figure 2
shows cross-sectional images of the flat coupons after oxidation at 800 °C for 1000 h.
At longer exposures, the chromia scales formed on LPBF and DED samples were
slightly thicker than those formed on the wrought, in accordance with the kinetics
trend reported at shorter times [9]. The main differences in the oxidation behavior
between wrought and AM samples occur in the subsurface. Beneath the chromia
scale, the composition of the bright precipitates corresponds to δ-phase [(Ni, Cr)3(Nb,
Mo)] and σ-phase [Mo–Ni–Si–Cr–Nb]. LPBF and DED showed a higher fraction of
these subsurface precipitates than the wrought due to a higher Nb availability from
the original segregation in the as-built state [7].
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Fig. 2 SEM backscattered electron image of Alloy 625 oxidized at 800 °C for 1000 h in the air for
the wrought, LPBF, and DED fabrication conditions

Internal oxidation and bulk transformation represented the most significant differ-
ences among the samples. The wrought alloy exhibited internal oxidation preferen-
tially located at grain boundaries and consisting mainly of compact alumina. Internal
oxidation in both AM alloys was deeper, coarser, and more abundant than that in the
wrought alloy. As postulated by Sanviemvongsak et al. [6], this difference can be
attributed to the improved oxidation resistance of twin boundaries present in the
wrought. After oxidation, grain boundaries in the AM samples were found to be
decorated by coarser δ-precipitates, internal oxidation, and a noticeable amount of
free space among them. The exacerbation of voids in AM samples’ grain boundaries
has been reported previously and attributed to a faster local Cr consumption [8].
Additionally, internal oxides and voids form preferentially among the precipitate
clusters located in the interdendritic regions of the DED-processed alloy, where the
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highest Nb–Mo segregation was in the as-built condition. Void formation in oxidized
NiCr alloys has been attributed to the Kirkendall effect [6, 13].

On the other hand, the bulk transformation after the oxidation differs for the
three conditions (e.g., distribution, morphology, and precipitates’ size). Since the
original microstructure varies among them (i.e., grain size, refractory segregation,
and residual stress), different evolution after the heat treatment is expected.Therefore,
to solely evaluate the influence of the oxidation behavior on fatigue performance, a
counterpart thermal aging under a non-oxidizing atmosphere of argon was done for
the same time as each oxidized sample.

Past studies regarding oxidized samples have shown that internal oxidation along
grain boundaries [2, 3, 14] and the precipitates-free region [4] are critical factors in
accelerating crack initiation during fatigue testing, showing that subsurface evolution
during oxidation plays a vital role in fatigue performance. Therefore, since the main
differences in the oxidation behavior of the additive samples occur in the subsur-
face, differences in the fatigue life may be expected. Other possible contributions to
initiate and propagate cracks are localized interfacial defects (local detachment of
the scale/alloy). Although pores in the scale may also be considered, crack propa-
gation throughout the oxide layer is generally resisted by its compressive stresses.
The molar volume difference between the oxide and the alloy and the mismatch
between the thermal expansion coefficients of the oxide and the alloy contribute to
the compressive stresses of the external oxide layer [15].

Finally, the long horizontal cracks in the scale are inferred to be artifacts caused
during the cutting and polishing of the oxidized coupon. Thus, the integrity of the
scale is expected to be intact before starting the fatigue testing.

Fatigue Results

Figure 3 shows the mean fatigue life as a function of thermal exposure conditions.
The wrought test bars did not fail, reaching run-out (107 cycles), regardless of the
exposure condition. In contrast, both the LPBF and DED test bars failed before 107

cycles with the exception of the as-built LPBF samples that were thermally aged
for 24 h and 300 h. Apparently, the differences in the oxidation and thermal aging
behaviors associated with the two additive processes are significant enough to affect
fatigue performance.

The results in Fig. 3 indicate that both LPBF and DED consistently exhibit a
higher fatigue life after thermal aging than oxidation for the same exposure times.
The oxidation reduces the mean fatigue life in the LPBF test bars by 25%, 82%,
and 91% for 24 h, 300 h, and 1000 h, respectively. For the DED test bars, the
fatigue life reduction by oxidation was 46%, 96.8%, and 88% for 24 h, 300 h, and
1000 h, respectively. Therefore, since oxidized samples show the same bulk evolution
as thermal aging, the fatigue life reduction between TA and OX is attributed to
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Fig. 3 Mean room temperature fatigue life of the wrought (W), LPBF, and DED Alloy 625 test
bars that were oxidized (Ox) and thermal aged (TA) for 24 h, 300 h, and 1000 h at 800 °C prior to
testing

the surface and subsurface evolution processes associated with oxidation. Several
studies on Ni-based alloys have shown a reduction in fatigue life on exposure to
high temperatures in air atmosphere, either during (e.g., N18 alloy [16]) or before
the fatigue test (e.g., ME3 alloy [4, 5], IN100 [17]). In this study, the general trend
shows that life reduction increases with increasing oxidation time. It is relevant to
note that previous studies have shown that life reduction also increases with higher
temperature exposures [4, 16]. Additionally, the DED-processed test bars exhibited
a shorter fatigue life than those processed by LPBF when comparing oxidation at the
same exposure times.

Microstructural Degradation Assessment of Oxidized Samples
After Fatigue Test

Analyzing themicrostructure evolution after testing can lead to a better understanding
of the differences in fatigue performance. Figure 4 shows representative micrographs
of the cross-sections after fatigue testing. The wrought microstructures do not show
appreciable degradation after 107 cycles; the scales keep their integrity, and non-
appreciable cracks are identified after the testing. By contrast, both the LPBF and
DED test bars show increased subsurface degradation and breaches of the scale
integrity. Quantitative measurements of the degradation state at the failure moment
were therefore acquired to better correlate degradation with the fatigue performance.
The degradation variableswere roughly classified into the following threemain types:
(1) oxide products; (2) subsurface precipitates (δ- and σ-phase); and (3) oxide/metal
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interfacial detachment. Oxide products included maximum depth of internal oxida-
tion and external oxide thickness. Subsurface precipitate measurements consisted
of their total area and aspect ratio. Finally, the interfacial detachment included the
detachment linear fraction, non-planar interface index, and interfacial defects area
(empty space between the oxide scale and the alloy). Figure 5 summarizes the results
for the wrought, LPBF, and DED alloys for various exposure conditions using spider
diagrams, where all values are normalized relative to the maximum value of each
variable; the complete data can be found in Appendix A.

The first general observation is that the bigger the area for a given variable, the
smaller the mean fatigue life; hence, those variables that most affect the area play an
important role in determining fatigue life. The second observation is the increase in
degradation with the oxidation time for the LPBF and DED test bars; the lesser the
degradation, the higher the fatigue life. A more detailed analysis is presented in the
following.

Since wrought test bars withstand 107 cycles, neither the load nor the oxidation
induced any critical-size crack. Therefore, the wrought values can be considered
not detrimental, as a degradation state where failure is not likely. Accordingly, if the
variables of an unknown sample arewithin thewrought range, failure by fatigue is not
expected. For example, at 24 h the most significant difference between the wrought

Fig. 4 SEM images of cross-sections of the oxidized test bars (OX) after fatigue testing. The oxide
layer shown is parallel to the load axis
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(a) (b)

(c)

Fig. 5 Graphical representation of microstructural evolution and degradation measurements after
fatigue testing of oxidized test bars. Comparison of wrought, LPBF, and DED alloys after different
oxidation times: a 24 h, b 300 h, and c 1000 h

and the AM samples is the detachment linear fraction followed by the area of the
interfacial defect. The detachment linear fraction of LPBF and DED is more than
twice that of the wrought. This trend continues at 100 and 300 h, where the value
of wrought keeps constant while the LPBF and DED values continue to increase
with time. Thus, a linear fraction below 0.20 corresponds to non-failure and above
0.28 corresponds to failure. Additionally, the linear fraction increment is inversely
proportional to the fatigue life for the LPBF and DED test bars, being the measured
variable that best describes the fatigue life.

At the 300 h and 1000 h oxidation times, the area of the interfacial defects together
with the detachment linear fraction shows the biggest difference between the non-
failure region demarcated by thewrought and theAM test bars, showing that the exac-
erbation of interfacial defects is a key precursor to imminent failure. The maximum
depth of internal oxidation, non-planar interface index, and subsurface precipitates
area follow these in relevance.

In contrast, the oxide thickness and the precipitate aspect ratio do not directly
correlate with the fatigue life. Regarding the aspect ratio (AR) of the subsurface
precipitates, no substantial changes were observed, regardless of the exposure condi-
tion. Since the influence of the precipitates’ AR will be in the same range in all
studied samples, it is not directly contributing to differences in the reported fatigue
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(a) (b)

Fig. 6 SEM backscattered electron images of a cross-section of a failed wrought test bar oxidized
after 1000 h. A fatigue test was stopped until failure (5 × 107 cycles) at different gauge lengths:
a at the fracture (cross-sectional area ~20.2 mm2) and b 5 mm from the fracture in the load axis
(cross-sectional area ~25.6 mm2)

life. The main difference in the subsurface precipitates among the samples was in
the phase fraction, precipitate size, and spatial distribution. Regarding the oxide
thickness, the standard deviation of the measurement can be interpreted as a scale
homogeneity, showing that AM samples (high deviation) have a high variability in
the oxide scale thickness compared with the wrought (low deviation) for the same
exposure times. A highly variable oxide thickness can affect the compressive stress
distribution throughout the scale, promoting local stress concentrators that lead to
interfacial defects [18].

An additional fatigue test until failure was conducted for a wrought test bar
oxidized after 1000 h. The sample failed at 5× 107 cycles, and Fig. 6 shows the cross-
section of the microstructure near the fracture region. The interfacial and subsurface
degradations show similarities with the microstructures of the AM test bars (both
LPBF and DED) oxidized at 1000 h after failure (Fig. 4). These similarities include
the exacerbation of interfacial defects, an increase of linear fraction detachment,
and external oxide scale cracking. As such, it indicates that the degradation prior to
failure is similarly independent of the manufacturing process, but both LPBF and
DED test bars underwent a higher degradation rate than the wrought, causing earlier
failure in the former. The reasons behind the acceleration in the degradation during
the fatigue testing in the AM test bars (both LPBF and DED) will be discussed in
the next section.

Fatigue Crack-Initiation Mechanism of Oxidized Samples

The microstructural variables that best describe the degradation state at failure were
discussed in the previous section. Since the characterization of the subsurface degra-
dation in this study requires destructive techniques, it is difficult to assess the degra-
dation evolution. This study proposes an alternative way to evaluate the degradation
evolution by analyzing the cross-sections after testing at different distances from the
center. Given that the cross-sectional area varies along the gauge length, the stress
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level also varies along the gauge. The bigger the cross-sectional area, the lower the
stress, and as such it will result in a degradation decrease. Therefore, the degradation
evolution with the applied stress can be analyzed. To that end, it is assumed that
during fatigue at the same test time, a bigger cross-sectional area experiences an
equivalent degradation to a smaller cross-sectional area at shorter times and higher
stress.

Figure 7 shows representative cross-sections along the gauge of the oxidizedLPBF
sample after testing. Figure 7a shows the largest sample cross-section and, in turn,
the area of lowest applied stress during fatigue testing. The microstructure is similar
to the one shown for the oxidized flat coupons (Fig. 2). The external oxide scale is
still intact, and there is a development of a more pronounced non-planar scale/alloy
interface and an increase of interfacial local decohesion. Figure 7b corresponds to a
higher stressed region than that shown in Fig. 7a and shows how interfacial defects
grow and subsurface voids start to appear along the grain boundaries, located among
internal oxides and δ-precipitates. As stress increases (Fig. 7c), interfacial defects
continue to grow to the extent that the oxide scale cracks and eventually spalls,
while a more pronounced development of subsurface voids also takes place. Finally,
Fig. 7d shows deep and broad void formation in the vicinity of the fracture because of
subsurface and surface defects coalescence. It is plausible that such void formation
could serve to initiate crack development during fatigue loading. The subsurface
voids associated with the internal oxidation process and the δ-precipitation could
thus act as preferential crack-initiation sites.Despite that interfacial defects accelerate
the degradation, observed microstructures after failure indicate that the sample can
withstand abundant subsurface defect formation before failure. However, the same
assumptions are no longer valid for subsurface voids since less of them are necessary
to generate a critical-size defect that triggers crack propagation and failure.

Formation of Interfacial Defects

Interfacial defect formation starts as oxide buckling, but their growth continues
toward the alloy as stress increases. The initial scale buckling is presumed to be in
response to a compressive stress buildup in the scale during the oxidation in combi-
nation with relatively weak oxide/alloy adhesion. Specifically, if the oxide/alloy
interface has a poor adhesion relative to the cohesive strength of the oxide, decohe-
sion that leads to buckling will be favored before the oxide cracking (i.e., failure by
shear) [19, 20]. Since the LPBF and DED test bars consistently exhibited buckling
formation before oxide cracking, this indicates low adhesive interfacial forces in
these systems. Secondly, the interfacial defect growth toward the alloy during the
fatigue testing is promoted by the strength loss of the depletion region. The oxidation
process promoted Cr and Nb depletion, making the subsurface alloy weaker than the
bulk alloy. Moreover, the alloy subsurface is under tensile stresses as a compensation
for compressive stresses in the oxide [21], which contributes to enhance the defect
growth.
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Fig. 7 Oxidized sample degradation evolutionwith applied stress. Bottommicrographs correspond
to the cross-section of OX-LPBF for 300 h after fatigue testing

Several reported contributions that favor poor interfacial adhesion and accelerate
scale spallation in the AM systems are as follows:

• Convoluted scale/alloy interface: Local heterogeneities that influence the diffu-
sion through the oxide promote a non-planar interface (e.g., composition changes
in oxide, subsurface precipitates, and grain boundaries) [22]. Composition
changes in the oxide of the AM samples occur mainly during the first stages of
oxidation before the establishment of the chromia layer. The as-built microstruc-
ture of the AM samples has regions with significant segregation of Nb, Mo, and
Ti [9] that likely impact the local transient products due to the different oxygen
affinity and different diffusion rates through the alloy and the oxide [22]. Another
source of local heterogeneity comes from the grain boundaries. Enhanced diffu-
sion promotes a faster chromia formation, resulting in oxides ridges above grain
boundaries [8]. Additionally, the coarsening of subsurface precipitates and phase
fraction increase contribute to convolute the interface.

• Scale/alloy bond strengths: Interfacial segregation of elements such as sulfur
and phosphorus weakens the scale/metal bond strength [18]. Sulfur decreases the
surface energy required to form a metal surface, favoring void nucleation [23].
Despite nomeasurements of sulfur segregation being acquired in this study, higher
content of sulfur in alloys produced by LPBF in comparison with conventional
methods has been reported. Son et al. [24] reported that the sulfur content of LPBF
625 powder (17 ppm) is twice the value of the wrought counterpart (34 ppm).
Sanviemvongsak et al. [25] reported that the sulfur content in alloy 718 fabricated
by LPBF (23 ppm) was more than one order magnitude higher than the wrought
alloy (1 ppm), with greater scale spallation reported for the AM-718 samples in
comparison with the wrought.
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Furthermore, in the case of Alloy 625, the interface consists of oxide/δ-
precipitate/alloy in several regions. Such a multiphase interface would neces-
sarily have a greater amount of interphase boundaries in comparison to a stable
scale/alloy interface. The degree of coherency at an interface depends on crystal-
lographic differences between the phases (e.g., lattice misorientation and the ratio
of molar volumes), with an incoherent interface providing a potent sink site for
vacancies [26]. The formation of interfacial defects in the oxide/δ-precipitate due
to the injection of vacancies stemming from the scale-growth process is likely.
Although these defects may not be appreciable, they are prone to expand during
the fatigue testing and compromise the adherence of oxide/δ-precipitate. Two
experimental observations support this. First, there is a correlation between the
precipitates fraction area and the detachment linear fraction. Second, most of the
δ-precipitates remain within the alloy when there is a scale decohesion.

Formation of Subsurface Voids

Abundant voids form in the bulk and grain boundaries of the LPBF and DED alloys
during oxidation in comparison to the wrought alloy (Fig. 2). The interaction of
internal oxidation, voids, and large precipitates promoted localized deformation
during fatigue (see Fig. 7). The inferred process for this is as follows. Nb and Mo
segregation in the LPBF and DED alloys promotes a faster nucleation and favors
the precipitate growth. The precipitate coarsening process resulted in relatively large
precipitates surrounded by a denuded FCC matrix [27]. Subsurface voids were able
to form and grow due, in part, to strength loss in these denuded zones.

This precipitate-associated subsurface void-formation process was most
pronounced on grain boundaries, which in turn were associated with the deepest
internal oxidation. The coalescence of subsurface voids along the grain boundaries
likely triggered crack formation at least as deep as the internal oxidation. Further-
more, since AM grain boundaries were deeper, the crack propagation reached a
critical size sooner in these alloys than in the wrought (see Appendix A).

Fatigue Crack-Initiation Mechanism of Thermally Aged
Samples

Since the fatigue life generally increases as the grain size decreases [28, 29], theDED-
processed alloy is expected to have a shorter fatigue life than the LPBF and wrought
alloys. However, there is barely a difference in the LPBF and wrought grain size
to explain the difference in their fatigue lives. Figure 8 shows representative cross-
sections of the 1000 h TA-LPBF fractured test bar to evaluate the microstructural
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Fig. 8 Thermal-aged sample degradation evolution with applied stress. Bottom micrographs
correspond to the cross-section of TA-LPBF for 1000 h after fatigue testing

degradation evolution with the stress applied, given that the cross-sectional area
varies along the gauge length. Unlike the oxidized samples, no appreciable surface
degradation occurred since thermal aging treatments were performed under back-
filled argon. The degradation of the TA samples correlatesmainlywith the debonding
and fracture of σ and δ- precipitates, where the fractures are mainly perpendicular to
the loading axis. As the applied stress increases, the number of fractured precipitates
increases. These fractured precipitates are more abundant closer to the surface.

During fatigue, in the absence of induced surface/subsurface degradation, fatigue
life is mainly determined by the interactions of dislocations and precipitates. Phases
predicted at equilibrium at 800 °C for the nominal composition of alloy 625 are
mainly δ-[(Ni,Cr)3(Nb,Mo)] and σ-[Mo–Ni–Si–Cr–Nb] [30]. The beneficial effect
of δ-phase is reported in moderate amounts, where it provides grain-size control
and grain refinement through a pinning effect below 990 °C [31, 32]. In coexistence
with γ′′, δ-phase increases mechanical properties below 426 °C for IN718 and Super
Waspalloy [32]. This may explain the LPBF fatigue results after thermal aging for
24 h and 300 h. However, the coarsening of incoherent δ precipitates at longer times
reduces the strengthening process effectiveness and lowers the ductility [33]. Since δ

and σ precipitates act as stress and strain concentrators, they fracture once the stress
concentration overcomes the precipitate strength. Then, these fractured precipitates
can induce crack nucleation [34–36].

These precipitates/dislocation interactions depend on the precipitate’s size [37],
morphology, distribution [38], orientation to the tensile stress, location relative to
the surface [39, 40], and the strength characteristics of the matrix [35, 36]. The
heterogeneities from the initial microstructures (i.e., as-built condition) influence
these factors.
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Table 2 Predicted phase fractions at equilibrium at different segregated and depleted compositions

Sample Nb
(wt.%)

Mo
(wt.%)

δ

Ni3(Nb,Mo)
σ

(Mo–Ni–Si–Cr)
γ

(Ni–Fe–Cr)

Wrought – 3.45 8.40 0.06 0.10 0.83

LPBF Depleted 3.14 8.19 0.03 0.08 0.89

Segregated 6.44 10.05 0.17 0.12 0.71

DED Depleted 2.70 8.91 0.04 0.04 0.92

Segregated 16.20 12.72 0.48 0.32 0.20

The different Nb and Mo segregation levels in AM samples affect the phase
fraction predicted at equilibrium. As an illustrative exercise, the phase fractions at
equilibrium assuming an alloywith themeasured composition of depleted (dendritic)
and segregated (interdendritic) regions were calculated using ThermoCalc in combi-
nation with the TCNI8 database (Table 2). In agreement with the reported literature
[30], the higher the Nb and Mo segregation, the bigger the difference between the (δ
+ σ)-phase fraction in the depleted and segregated regions.

Representative cross-sections of samples under thermal aging at 800 °C for 5000 h
are shown in Fig. 9. Needle-like precipitates correspond to the δ-phase, while the
bright small globular precipitates correspond to the σ-phase. The total precipitates
fraction (δ + σ) in each sample was 12.1 ± 1.2% for the wrought, 16.1 ± 1.7%
for LPBF, and 17.3 ± 2.3% for DED; demonstrating that the higher the precipitates
fraction, the shorter the fatigue life. However, the difference in the precipitates frac-
tion in the LPBF and DED alloys is not substantial enough to explain the difference
in their fatigue life. The main microstructural differences between them are in the
size and distribution of the precipitates. The histograms below the micrographs in
Fig. 9 represent the area fraction of precipitates as a function of distance for a band of
5 μm width demarked in the image. The wrought sample shows the smallest varia-
tion between the peak and valleys, demonstrating a homogeneous (δ + σ) precipitate
distribution. The LPBF sample exhibits an enrichment of precipitates area fraction
along the grain boundaries. Intergranular precipitates are coarser than the intergran-
ular ones, due very likely to the higher driving force for δ precipitation than in the
bulk [27]. The DED samples show the highest heterogeneity of (δ + σ) precipitate
distribution. The original highly segregated regions result in (δ + σ) precipitate clus-
ters, while the original depleted region does not favor (δ + σ) precipitation, which is
consistent with the ThermoCalc predictions.
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Fig. 9 Micrographs of wrought, LPBF, and DED after thermal ageing for 1000 h. Histograms
represent the area fraction of precipitates as a function of distance. Each column in the histogram
evaluates the precipitates fraction in 0.068 μm2 (5μmwidth by 0.014 μm length). The bright areas
correspond to (δ + σ) precipitates and the dark areas correspond to the matrix

The heterogeneities in chemical composition and (δ + σ) precipitate distribution
are detrimental to the fatigue performance. On one hand, highly segregated regions
will promote a bigger area of precipitates that embrittle the alloy and favor crack
nucleation. While on the other hand, highly depleted regions are not strengthened
by solution or precipitates, so that cracks can propagate easily. The initial compo-
sition variability impacts the proportionality of the degree of embrittlement in the
segregated regions and the degree of strength loss in the depleted regions. Conse-
quently, the fatigue life trend among the TA samples exposed at the same time, i.e.,
wrought >> LPBF > DED, is explained by the heterogeneity of (δ + σ) precipitates
distribution.

Conclusions

This study assessed the influence of thermal- and oxidation-driven features on the
uniaxial fatigue performance of Alloy 625 fabricated by LPBF, DED, and wrought
processes. The following conclusions are drawn from the results:

• Oxidation is more detrimental than thermal aging on the fatigue life of the AM
samples, where the life reduction increases with increasing oxidation exposure
time. Oxidation induces interfacial defects (i.e., free space formation) and subsur-
face voids that accelerate crack initiation. Prior to failure, the sample with-
stands abundant interfacial defects formation before subsurface voids coalesce
and initiate crack formation. Interfacial voids originate from local decohesion of
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the oxide/alloy interface during cyclic loading. Subsurface voids result from the
interaction of internal oxidation, δprecipitate coarsening, and δ/matrixweakening.

• Neither the oxidation-driven features nor the heat-treatment evolution was detri-
mental to the wrought 625 under the conditions studied. The AM oxidized
samples showed an acceleration of degradation during fatigue testing compared
to the oxidized wrought. Formation of interfacial defects in the AM samples
was promoted by a convoluted scale/alloy interface and also the oxide/δ-
precipitate/alloy interface, whereas grain boundary precipitates enhanced the
extent of internal oxidation promoting subsurface voids.

• The fatigue failure mechanism in thermally aged AM samples (both LPBF and
DED) involves the fragmentation and coalescence of δ and σ subsurface precipi-
tates, leading to crack development throughout the sample. The higher the segre-
gation fromAMprocessing, the greater the heterogeneity of the (δ+ σ) precipitate
distribution and the shorter the fatigue life.
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Appendix A

Quantitative measurements of the degradation state at the failure moment.
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Long-Term Thermal Stability
and Oxidation Resistance of HAYNES
233 Alloy

L. M. Pike and B. Li

Abstract HAYNES 233 alloy is an alumina-forming alloy developed for use in a
variety of high temperature applications. It is unique in the marketplace for having
a combination of high creep strength and excellent oxidation and high tempera-
ture corrosion resistance to temperatures of 2000°F (1093 °C) and above while still
being readily fabricable (formable, weldable, etc.). The alloy may be used in the
solution annealed conditions at these high temperatures, or age-hardened to provide
high strength at intermediate temperatures while maintaining its oxidation/corrosion
resistance. This studywill explore the long-term performance of 233 alloy in terms of
microstructural stability, tensile properties, and oxidation resistance. Thermal expo-
sures of up to 8000 h were explored at temperatures ranging from 1200°F (649 °C)
to 1800°F (982 °C). The effect of the initial material condition (solution annealed
vs. age-hardened) was considered as well. It was found that prior age-hardening can
provide the alloy with significantly improved ductility at intermediate temperatures
before and after thermal exposure. A comparative year-long oxidation test at 2000°F
(1093 °C) confirmed the excellent oxidation resistance of the alumina-forming 233
alloy compared to competing alloys (typically chromia formers).

Keywords Thermal stability · Microstructural stability · Oxidation resistance ·
HAYNES 233 alloy · Alumina-former

Introduction

HAYNES® 233™ alloy was recently developed to provide the market with a readily
fabricable alloy combining the properties of high creep strength and excellent oxida-
tion and high temperature corrosion resistance to temperatures of 2000°F (1093 °C)
and above. This combination of properties is desirable for a number of high temper-
ature applications, including hot gas components in aerospace and industrial gas
turbines, industrial heating fixtures and sensors, and various structural components
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in the emerging power generation technology markets such as concentrated solar
power, advanced-ultra supercritical (A-USC), and sCO2 power cycle. The develop-
ment and key features of 233 alloy have been detailed elsewhere [1]. While initially
designed for use at very high temperatures in solution annealed condition, 233 alloy
can also be age-hardened to provide excellent strength at intermediate temperatures,
specifically those below the gamma-prime solvus of approximately 1767°F (964 °C).

An important feature of any high temperature alloy is its ability to withstand high
temperatures for extended periods of time [2]. Long-term thermal exposures may
have several effects on an alloy and its performance. For example, the microstructure
may change significantly leading to changes in the mechanical properties which may
or may not be acceptable for a given application. Similarly, the oxidation behavior
of an alloy can also change during long-term thermal exposure as a result of oxide
scale spallation and gradual depletion of oxide-forming elements. The purpose of
this paper will be to examine the effects of long-term thermal exposures on the
microstructure, mechanical properties, and oxidation resistance of 233 alloy.

Experimental

The material used in the thermal stability study was HAYNES 233 alloy in the form
of cold-rolled and mill annealed sheet with a thickness of 0.063′′ (1.6 mm) and an
average ASTM grain size of 3.5. The nominal chemical composition of 233 alloy
is given in Table 1. Two initial conditions were investigated: (1) solution (mill)
annealed, and (2) age-hardened. The age-hardening heat treatment (labeled AHT2
in this paper) was 1650°F (899 °C)/4 h/AC + 1450°F (788 °C)/8 h/AC (where AC
is air cooled). The solution annealed samples were subjected to thermal exposures
of 8000 h in flowing air at four different temperatures: 1200°F (649 °C), 1400°F
(760 °C), 1600°F (871 °C), and 1800°F (982 °C). While 233 alloy can be used at
evengreater temperatures, this intermediate rangewas selected as themost likely to be
less thermally stable. For the samples initially in the age-hardened condition, thermal
exposures of 1000, 4000, and8000hwere applied at temperatures of 1200°F (649 °C),
1400°F (760 °C), and 1600°F (871 °C), which are all below the gamma-prime solvus.

The thermally exposed samples were tested for tensile properties and microstruc-
tural characteristics. For all thermal exposure conditions, duplicate tensile tests
(using dog bone shaped samples) were conducted at both room temperature (RT)
and the corresponding exposure temperature. The microstructure of each thermal
exposure condition was examined using optical metallography and scanning elec-
tronmicroscopy/energy-dispersiveX-ray spectroscopy (SEM/EDS).Themicrostruc-
tural samples were taken from the shoulder section of one of the RT tensile
samples. Optical metallography samples were electrolytically etched using an
oxalic/hydrochloric acid solution [3]. SEM samples were prepared either in as-
polished or electropolished conditions for standard imaging or given the electrolytic
“Radavich” etch [4] for highmagnification imagingof the gamma-primephase.Addi-
tionally, electrolytically extracted residue samples from selected thermal exposure
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Table 1 Nominal chemical composition of the alloys in this study (wt.%)

Alloy Ni Co Cr Al Mn Si Ti Fe Mo W C B Others

233 Bal. 19 19 3.3 0.4a 0.2a 0.5 1.5a 7.5 0.3a 0.1 0.004 0.03Zr,
0.5Ta,
0.025Ya

230 Bal. 5a 22 0.3 0.5 0.4 0.1a 3a 2 14 0.1 0.015a 0.02La

188 22 Bal. 22 – 1.25a 0.35 0.15a 3a – 14 0.1 0.015a 0.03La

625 Bal. 1a 21 0.4a 0.5a 0.5a 0.4a 5a 9 – 0.1a – 3.7(Nb
+ Ta)

617 Bal. 12.5 22 1.2 0.2a 0.2a 0.3 1 9 – 0.07 0.006a

aMaximum

conditionswere examined byX-ray diffraction (XRD) to assist in phase identification
of the minor phases.

A one-year long-term oxidation test was performed to study and compare oxida-
tion behaviors of 233 alloy and other commercial high temperature alloys, such as
230® alloy, 188 alloy, 617 alloy, and 625 alloy. Table 1 lists the nominal compo-
sition of the alloys tested, in which the 233 alloy is an alumina-forming alloy and
the other alloys are chromia formers. To prepare for the oxidation test, alloy sheets
with a thickness of ~0.125′′ (3.2 mm) in the solution annealed condition were firstly
cut into coupons with an approximate size of 1′′ × 1′′ (25 mm × 25 mm), and then
polished with 120-grit silicon carbide paper. The test coupons were cleaned with
acetone and weighed prior to the oxidation test. The oxidation test was performed
for 360 days (8640 h) cycled each 30 days at 2000°F (1093 °C) in a tube furnace.
During the test, the coupons were inserted directly into the furnace at the set tempera-
ture at the start of each cycle and removed from the furnace, and air cooled for weight
measurement after each cycle. After the completion of the test, the test coupons were
cross-sectioned for optical metallographic and SEM/EDS examination.

Microstructure of HAYNES 233 Alloy

Before looking at the effects of long-term thermal exposure it is beneficial to first
examine the initial microstructure. In the solution annealed condition the microstruc-
ture of 233 alloy consists of primary carbides of three types, MC, M23C6, and M6C,
scattered within the gamma matrix as seen in Fig. 1a, b (also seen in the figures are
cavities resulting from sample preparation). These carbides have been identified with
a combination of SEM/EDS andXRD.The grain boundaries are seen to be essentially
free of precipitation. In the age-hardened condition (Fig. 2a, b) the microstructure
is similar except for the presence of fine intragranular precipitates and precipitation
at the grain boundaries. The intragranular precipitates include scattered fine Cr-rich
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(a) (b)

Fig. 1 Themicrostructure of solution annealed 233 alloy. aOpticalmicrograph,bSEM-BSE image

precipitates. Also, present both at grain boundaries and intragranularly is the gamma-
prime phase. The shape of the intragranular gamma-prime precipitates is somewhat
of a rounded cuboid with a single size distribution having an average cube length of
about 65 nm (Fig. 2c). The grain boundaries are complex in nature (Fig. 2d) with fine
Cr-rich and Mo-rich precipitates scattered amid heavy amounts of gamma-prime.

(a) (b)

(c) (d)

Fig. 2 The microstructure of age-hardened 233 alloy. a Optical micrograph, b SEM-BSE image,
c SEM In-Lens SE image of typical gamma-prime, d SEM In-Lens SE image of gamma-prime and
grain boundary precipitates
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Thermal Stability

In service, HAYNES 233 alloy may be used either in the solution annealed or age-
hardened condition depending on the requirements of the application. For applica-
tions where the entire component is operating at temperatures below the gamma-
prime solvus temperature, it would often make sense to use the alloy in the age-
hardened condition to provide high strength and tominimize the likelihood of dimen-
sional changes in service. Similarly, when the component sees temperatures greater
than the gamma-prime solvus it may seem best to start with the alloy in the solu-
tion annealed condition. However, often these high temperature components will be
subjected to a range of temperatures and may age-harden in service in the cooler
regions. Thus, an interesting question is whether or not to age-harden such compo-
nents prior to service. Because of this, there is an added layer of complexity to this
thermal stability study. We will present the results of thermal exposures given to 233
alloy in both initial conditions.

Solution Annealed + Thermal Exposure

Microstructure. SEM-BSE images of the microstructure of solution annealed 233
alloy subjected to 8000 h thermal exposures at 1200°F (649 °C), 1400°F (760 °C),
1600°F (871 °C), and 1800°F (982 °C) are shown in Fig. 3. After thermal exposure
at 1200°F (649 °C) some fine grain boundary precipitation was observed as seen in
Fig. 3a. Also present were 10 nm diameter spherical gamma-prime (note that the
gamma-prime is present in all of the microstructures in Fig. 3, but not visible due to
its small size and the surface preparation). The 1400°F (760 °C) thermal exposure
resulted in larger grain boundary precipitates (Fig. 3b). Based on EDS and XRD
data it is believed this is the Cr-rich sigma phase. Since further confirmation work
is needed, we will hereby refer to this phase as the “intergranular Cr-rich phase”.
Gamma-prime is also seen at the grain boundary intermittently (darker phase). Also
visible in Fig. 3b are intragranular acicular precipitates which EDS and XRD suggest
is the Mo-rich mu phase. The gamma-prime precipitates formed during the 1400°F
(760 °C) thermal exposure are “squarish” spheroids with a diameter of about 120 nm.
It should be noted that the precipitation of gamma-prime, mu, and sigma phases at
1400°F (760 °C) was expected based on calculations from multiple commercial
phase diagram software packages. Thermal exposures at 1600°F (871 °C) resulted
in similar grain boundary phases (Fig. 3c) as the 1400°F (760 °C) thermal exposure.
Both the intragranular Mo-rich and intergranular Cr-rich precipitates appeared to
be less predominant at this temperature. The gamma-prime phase after the 1600°F
(871 °C) thermal exposure was fully cuboidal and very coarse with an average cube
length of 340 nm. Finally, the microstructure of the solution annealed 233 alloy
after the 8000 h exposure at 1800°F (982 °C) is shown in Fig. 3d. M6C and M23C6

carbides (verified byEDS andXRD) of various sizes (some quite large) can be seen in
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the figure. No strengthening gamma-prime was observed after exposures at 1800°F
(982 °C) although there were some isolated pockets of very coarse gamma-prime.
An interesting phenomenon observed after thermal exposures at all temperatures of
1400°F (760 °C) or greater was the partial decomposition ofMC carbides intomostly
M6C and gamma-prime (MC + γ → M6C + γ’). Other phases sometimes observed
in the region of decomposing MC carbides include MN and M23C6.

Tensile Properties. The tensile properties of solution annealed 233 alloy before
and after 8000 h thermal exposure at the four temperatures are shown in Table 2. As
would be expected, there were significantly different responses for each exposure
temperature. The exposure at 1200°F (649 °C) resulted in the RT yield strength (YS)
jumping from 52.5 ksi (362 MPa) to 142.3 ksi (981 MPa) due to the formation of
fine gamma-prime (age-hardening) during the thermal exposure. A similarly large
increase was observed in the 1200°F (649 °C) yield strength. The ultimate tensile
strength (UTS) at RT and 1200°F (649 °C) also both increased significantly. A drop
in elongation occurred at both test temperatures following the 1200°F (649 °C)
thermal exposure. This was likely caused by the combination of high strength and
the presence of fine grain boundary precipitation. The 1400°F (760 °C) thermal
exposurewas found to result in significant strengthening at RT, increasing up to 115.5
ksi (796 MPa) as a result of age-hardening. When the tensile test was conducted at

(a) (b)

(c) (d)

Fig. 3 SEM-BSE images of 233 alloy solution annealed + thermally exposed for 8000 h at: a
1200°F (649 °C), b 1400°F (760 °C), c 1600°F (871 °C), d 1800°F (982 °C)
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the exposure temperature the yield strength was less dramatic, increasing from 78.1
ksi (539 MPa) to 87.7 ksi (605 MPa). It is believed that age-hardening of the as-
solution annealed sample during the tensile test itself obscured the age-hardening
effects of the thermal exposure. Similar thermal exposure effects were observed on
the UTS at RT and 1400°F (760 °C). However, it is noted that the tensile elongation
dropped from 57.3% to 7.7% at RT and from 14.2% to 9.5% at 1400°F (760 °C)
as a result of the 1400°F (760 °C) thermal exposure. The intergranular Cr-rich and
intragranular mu precipitates, particularly the former, are likely responsible for the
lower elongation values in this condition.Aswill be discussed later in thismanuscript,
these drops in ductility can be mitigated somewhat by age-hardening prior to thermal
exposure. At thermal exposures of 1600°F (871 °C) the effects were again mixed.
The RT yield strength increased modestly up to 66.8 ksi (461 MPa), while the yield
strength at 1600°F (871 °C) decreased from 61.9 ksi (427 MPa) down to 31.4 ksi
(217 MPa) after the 1600°F (871 °C) thermal exposure. This apparent drop is again
partly due to in-test age-hardening of the solution annealed sample, but is also a result
of overaging of the gamma-prime phase during the thermal exposure. The elongation
was found to decrease at RT following the 1600°F (871 °C) thermal exposure, while
the elongation at the exposure temperature increased. Lastly, the thermal exposure at
1800°F (982 °C) was found to only modestly affect the tensile properties at either RT
or the exposure temperature. Note that this temperature is above the gamma-prime
solvus so no age-hardening during the thermal exposure would be expected.

Table 2 Tensile properties* of solution annealed HAYNES 233 alloy before and after thermal
exposure

Initial
Condition

Exposure
Temperature

Exposure
Duration

Test
Temperature

Yield
Strength

Ultimate
Tensile
Strength

Elong

°F °C h °F °C ksi MPa ksi MPa %

SA – – – RT RT 52.5 362 118.6 818 57.3

SA – – – 1200 649 52.0 359 102.0 703 59.5

SA – – – 1400 760 78.1 539 100.9 696 14.2

SA – – – 1600 871 61.9 427 73.3 505 24.5

SA – – – 1800 982 12.1 84 16.3 112 99.3

SA 1200 649 8,000 RT RT 142.3 981 192.8 1329 20.6

SA 1200 649 8,000 1200 649 122.4 844 166.0 1145 13.5

SA 1400 760 8,000 RT RT 115.5 796 165.8 1143 7.7

SA 1400 760 8,000 1400 760 87.7 605 114.6 790 9.5

SA 1600 871 8,000 RT RT 66.8 461 134.5 927 22.6

SA 1600 871 8,000 1600 871 31.4 217 52.5 362 47.8

SA 1800 982 8,000 RT RT 49.1 339 116.8 806 46.2

SA 1800 982 8,000 1800 982 10.7 74 15.3 105 102.8

*Average of duplicate tests; SA = Solution Annealed
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Age-Hardened + Thermal Exposure

Microstructure. The microstructure of age-hardened (using the AHT2 treatment
described above) 233 alloy after thermal exposures of 1000, 4000, and 8000 h at
1200°F (649 °C), 1400°F (760 °C), and 1600°F (871 °C) was investigated as part of
this study. For the sake of brevity, only the 8000 h microstructures will be described
here. Optical micrographs of the 8000 h thermally exposed samples are shown in
Fig. 4. SEM-BSE images of the 8000 h thermally exposed samples are shown in
Fig. 5. Also shown in Fig. 5 are high magnification SEM images of the gamma-
prime precipitates after thermal exposure. Themicrostructure of the 1200°F (649 °C)
thermally exposed sample (Figs. 4a and 5a) was quite similar to the as-age-hardened
condition discussed previously (Fig. 2a, b). Qualitatively it appears that the precipita-
tionmay be heavier in the thermally exposed sample, but not significantly.Moreover,
the size (~70 nm) and shape of the gamma-prime (Fig. 5b) did not change much at
all from the as-age-hardened condition (Fig. 2c). In contrast, thermal exposure at
1400°F (760 °C) resulted in several changes to the microstructure (Figs. 4b and 5c).
Most noticeable was the formation of large intergranular Cr-rich precipitates (again
EDS and XRD suggest this is the sigma phase). Also, intragranular acicular Mo-rich
phase is formed. This has been confirmed by XRD to be mu phase. Additionally, the
intergranular gamma-prime was found to be much heavier after the thermal exposure
and took on a layer-like morphology (more about this in later section). Lastly, the
intragranular gamma-prime (Fig. 5d) was found to grow during the 1400°F (760 °C)
thermal exposure to an average cube length of about 130 nm, more than double that
of the age-hardened condition. The microstructure of the sample thermally exposed
at 1600°F (871 °C) had somewhat similar features (Figs. 4c and 5e) to the 1400°F
(760 °C) thermal exposure with some differences. The Cr-rich intergranular phase is
less predominant. The intragranular acicular Mo-rich phase precipitates are coarser
and less common.And lastly, the intragranular gamma-primeprecipitates (Fig. 5f) are
now fully cuboidal and have grown to an average cube length of 420 nm (over 7 times
larger than the as-age-hardened condition). Similar to the solution anneal + thermal
exposure samples, the primaryMC carbides in the age-hardened+ thermal exposure
samples were found to be fully or partially decomposed for exposure temperatures
of 1400°F (760 °C) and above.

Tensile Properties. The tensile properties of age-hardened 233 alloy before and
after thermal exposures of 1000, 4000, and 8000 h at 1200°F (649 °C), 1400°F
(760 °C), and 1600°F (871 °C) are listed in Table 3. Tests of the thermally exposed
samples were conducted at both RT and the corresponding exposure temperatures.
The RT tensile properties are plotted in Fig. 6 as a function of exposure time, while
the elevated exposure temperature tests are plotted in Fig. 7. In Fig. 6a it is seen
that for all 3 exposure temperatures, the RT yield strength is essentially constant
for exposure durations greater than 1000 h. For the exposure temperature of 1200°F
(649 °C) theRTyield strength increases after the 1000 h thermal exposure but remains
fairly constant after longer thermal exposures. The relatively modest changes in
the tensile properties with 1200°F (649 °C) thermal exposure are consistent with
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(a) (b)

(c)

Fig. 4 Optical micrographs of 233 alloy age-hardened+ thermally exposed for 8000 h at: a 1200°F
(649 °C), b 1400°F (760 °C), c 1600°F (871 °C)

the observation that the microstructure is quite stable at that temperature. For the
exposure temperature of 1400°F (760 °C) the RT yield strength is almost unchanged
even after the full 8000 h thermal exposure. As mentioned in the previous section
the size of the gamma-prime increased from 65 to 130 nm over that time, suggesting
that even at 130 nm the gamma-prime phase is an effective strengthener. And for
the thermal exposure temperature of 1600°F (871 °C) the RT yield strength initially
decreases, before leveling off for longer thermal exposures. The drop in yield strength
is presumably due to overaging of the gamma-prime which has grown much more
significantly at this temperature as well as partial solutioning of the gamma-prime
at this temperature (which is 150°F (83 °C) above the last step of the AHT2 age-
hardening treatment). The RT UTS values were found to follow similar trends as
the RT yield strength. (Fig. 6b). The RT elongation values (Fig. 6c) were found to
decrease somewhatwith exposure duration for thermal exposures at 1200°F (649 °C).
However, they remained greater than 18% and appeared to have mostly leveled off
after the first 1000 h. In contrast, the RT elongation of the samples thermally exposed
at 1400°F (760 °C) was found to decrease with the exposure duration all the way
to 8000 h (reaching as low as 8.6%), but the slope of the decrease did appear to
be leveling off. The decrease in elongation is likely a result of the formation of the
intergranular Cr-rich and intragranularmu phases, particularly the former. Loss of RT
ductility with thermal exposure is not unusual in wrought superalloys, for example,
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(a) (b)

(c) (d)

(e) (f)

Fig. 5. 233 alloy age-hardened + thermally exposed for 8000 h. SEM BSE images and In-Lens
SE images of typical gamma-prime, respectively: a, b 1200°F (649 °C), c, d 1400°F (760 °C), e, f
1600°F (871 °C)

the commonly-used 188 and 625 alloys [2, 5]. Similarly to 1200°F (649 °C), thermal
exposures at 1600°F (871 °C) had only amodest effect on theRT tensile elongation of
233 alloy; it was observed to increase slightly after 1000 h and then drop off slightly
with further exposure duration, always remaining greater than 23%. While the RT
tensile elongation did decrease with 1400°F (760 °C) thermal exposure, for high
temperature applications it is often more relevant to consider the effects of thermal
exposures on the tensile properties at the exposure temperature itself . That is done
in the following paragraph.

As with the RT yield strength, the exposure temperature yield strength (Fig. 7a)
was found to remain essentially constant after the first 1000 h thermal exposure. This
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Table 3 Tensile properties* of age-hardenedHAYNES 233 alloy before and after thermal exposure

Initial
Condition

Exposure
Temperature

Exposure
Duration

Test
Temperature

Yield
Strength

Ultimate
Tensile
Strength

Elong

°F °C h °F °C ksi MPa ksi MPa %

SA +
AHT2

– – – RT RT 112.9 779 172.0 1186 27.7

SA +
AHT2

– – – 1200 649 95.4 658 156.6 1079 24.7

SA +
AHT2

– – – 1400 760 97.4 671 116.2 801 29.2

SA +
AHT2

– – – 1600 871 56.8 392 66.1 456 24.1

SA +
AHT2

1200 649 1,000 RT RT 133.7 922 189.0 1303 21.8

SA +
AHT2

1200 649 4,000 RT RT 132.9 917 187.0 1289 18.3

SA +
AHT2

1200 649 8,000 RT RT 131.7 908 186.9 1289 18.5

SA +
AHT2

1200 649 1,000 1200 649 113.2 781 170.3 1174 17.6

SA +
AHT2

1200 649 4,000 1200 649 114.4 789 164.7 1135 14.4

SA +
AHT2

1200 649 8,000 1200 649 119.3 822 172.5 1190 16.4

SA +
AHT2

1400 760 1,000 RT RT 116.4 803 177.0 1220 20.9

SA +
AHT2

1400 760 4,000 RT RT 114.6 790 174.4 1203 13.3

SA +
AHT2

1400 760 8,000 RT RT 110.1 759 165.2 1139 8.6

SA +
AHT2

1400 760 1,000 1400 760 91.4 630 115.4 796 33.5

SA +
AHT2

1400 760 4,000 1400 760 90.9 626 113.1 780 29.2

SA +
AHT2

1400 760 8,000 1400 760 84.4 582 111.0 765 30.3

SA +
AHT2

1600 871 1,000 RT RT 76.8 529 147.6 1018 29.0

SA +
AHT2

1600 871 4,000 RT RT 68.5 472 137.2 946 27.7

SA +
AHT2

1600 871 8,000 RT RT 68.3 471 134.9 930 23.8

(continued)
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Table 3 (continued)

Initial
Condition

Exposure
Temperature

Exposure
Duration

Test
Temperature

Yield
Strength

Ultimate
Tensile
Strength

Elong

°F °C h °F °C ksi MPa ksi MPa %

SA +
AHT2

1600 871 1,000 1600 871 33.4 230 56.8 391 43.1

SA +
AHT2

1600 871 4,000 1600 871 33.2 229 53.4 368 49.1

SA +
AHT2

1600 871 8,000 1600 871 29.7 205 52.7 363 46.9

*Average of duplicate tests; SA = Solution Annealed; AHT2 = 1650°F (871 °C) / 4 h + 1450°F
(871 °C) /8 h

(a)                                                                                           (b)

(c)  

Fig. 6 Room temperature tensile properties of age-hardened + thermally exposed 233 alloy. a
Yield Strength, b Ultimate Tensile Strength, and c Elongation
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(a)                                                                                             (b)

(c)  

Fig. 7 Elevated temperature tensile properties of age-hardened + thermally exposed 233 Alloy.
Tests performed at the corresponding exposure temperature. a Yield Strength, b Ultimate Tensile
Strength, and c Elongation

was true for all three exposure temperatures. Again, the YS was found to initially
increase with exposure duration for 1200°F (649 °C) thermal exposures, to remain
essentially unchanged for 1400°F (760 °C) thermal exposures, and to initially slightly
decrease for 1600°F (871 °C) thermal exposures. The effect of thermal exposures on
the UTS (Fig. 7b) at the exposure temperature again followed similar trends to the RT
data.However, the effect of thermal exposure on the tensile elongation at the exposure
temperatures (Fig. 7c) did not always follow the same trends as the RT data. For
1200°F (649 °C) thermal exposures the exposure tensile elongation at the exposure
temperature was found to drop within the first 1000 h, but remained fairly constant
with further exposure duration, averaging a respectable 16% for thermal exposures
between 1000 and 8000 h. In this case, the trends were similar to the RT data. Amuch
different behavior was seen for 1400°F (760 °C) thermal exposures. Remarkably,
the 1400°F (760 °C) tensile elongation remained quite high (~30%) regardless of
the exposure duration. This was a pronounced difference in behavior from the RT
data and will be discussed in more detail in the next section of this paper. Finally,
for 1600°F (871 °C) thermal exposures it was found that the tensile elongation at the
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exposure temperature increased significantly out to exposure durations of 4000 h,
but then leveled off. This trend also did not follow that of the RT data.

Beneficial Effects of Prior Age-Hardening on Thermal
Stability

As discussed above, for applications which have components which see operating
temperatures greater than the gamma-prime solvus of 1767°F (964 °C) but also
have areas that would see lower temperatures, there is a question of whether to age-
harden the component prior to service. The answermaydepend in part on dimensional
concerns. That is, how to best accommodate the density change (or shrinkage) which
occurs as a result of age-hardening. However, another key factor is the effect of age-
hardening on the ductility of the alloy at the critical intermediate temperatures—
often around 1400°F (760 °C) where ductility minimums can occur in high-strength
alloys. And furthermore, what is the effect of prior age-hardening on the intermediate
temperature ductility after long-term thermal exposure? The results of this study can
provide insight into these questions.

Consider the tensile elongation at the critical intermediate temperature of 1400°F
(760 °C) before and after an 8,000 h thermal exposure at that same temperature
(Fig. 8). For material originally in the solution annealed condition, the 1400°F
(760 °C) elongation is seen to drop from 14.2% to 9.5% after the thermal exposure.
However, when the starting material is age-hardened the 1400°F (760 °C) elongation
is significantly higher, 29.2%, and actually increases following the thermal exposure
to 30.3%. Prior age-hardening is clearly beneficial at this temperature. Looking at
other exposure temperatures, there was a positive, but less pronounced, effect of prior
age-hardening for 1200°F (649 °C) thermal exposures (1200°F tensile elongation
after thermal exposure was 16.4% when given a prior age-hardening treatment vs.
13.5%without). For 1600°F (871 °C) thermal exposures there was little difference in
1600°F (871 °C) tensile elongation with or without prior age-hardening (47.8% and
46.9%, respectively). Overall, however, the data clearly suggest that age-hardening
prior to thermal exposure is beneficial to intermediate temperature ductility both
prior to and after thermal exposure.

To understand the benefits of prior age-hardening on the thermal stability of 233
alloy it is helpful to consider the grain boundary structure. As described earlier, the
age-hardening treatment results in significant grain boundary precipitation of the
gamma-prime phase (see Fig. 2d) along with some fine Mo-rich and Cr-rich precip-
itates. It is believed that this complex grain boundary structure is responsible for the
improved ductility. More work is needed to better understand the exact mechanism.
Now consider what happens after long-term thermal exposures. As described earlier,
after 8000 h thermal exposures at 1400°F (760 °C) there is considerable precipitation
of intergranular Cr-rich precipitates for both initial conditions (solution annealed and
age-hardened). While this precipitation results in the drop of the 1400°F (760 °C)
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Fig. 8 Comparison of 1400°F (760 °C) tensile elongation of solution annealed and age-hardened
233 alloy before and after 8,000 h thermal exposure at that same temperature

tensile elongation following the thermal exposure of solution annealed samples (as
might be expected), no such drop is observed for samples given the age-hardening
treatment prior to thermal exposure. Again, the grain boundary structuremay provide
insight. Higher magnification (20Kx) SEM images of 1400°F (760 °C)/8000 h ther-
mally exposed samples of both initial conditions are shown in Fig. 9a, b. Note that
both the Cr-rich phase and gamma-prime can be seen at the grain boundaries in
both images. However, in Fig. 9a (solution anneal + thermal exposure) the gamma-
prime is discontinuous and sits adjacent to the blocky Cr-rich precipitates. However,
in Fig. 9b (age-harden + thermal exposure) the gamma-prime phase is seen to be
wider, continuous, and fully envelops the Cr-rich phase. It is likely that this differ-
ence in grain boundary structure is related to the significant improvement in 1400°F
(760 °C) ductility, but work is needed to better understand this phenomenon.

(a) (b)

Fig. 9 Higher magnification SEM-BES images of the grain boundaries of 233 alloy thermally
exposed for 8000 h at 1400°F (760 °C). Initial condition: a Solution Annealed, b Age-hardened
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Long-Term Oxidation Resistance

Another key property of HAYNES 233 alloy is its excellent oxidation resistance.
Since the focus of this paper is on long-term performance, a long-term oxidation test
(1-year) will be presented. Shorter term oxidation studies of 233 alloy have been
presented elsewhere [1, 6]. The alloys selected for comparison were 230, 617, 188,
and 625 alloys—all are readily fabricable alloys, like 233 alloy, used commonly in
gas turbine engine applications. Figure 10 shows the weight changes of the alloys
tested over the one-year test duration, in which 625 alloy and 188 alloy coupons were
removed from the test after eight cycles (240 days/5760 h) due to severe metal loss,
exhibiting breakaway oxidation behaviors after only two 30-day cycles at 2000°F
(1093 °C). The other chromia forming alloys, 230 and 617, showed better high
temperature oxidation resistance than 625 and188 alloyswithout experiencing break-
away oxidation. Among all tested alloys, the alumina forming 233 alloy shows supe-
rior oxidation resistance without weight loss over the test period. The results clearly
exhibit the significance to resist high temperature oxidation attack by the formation
of a protective alumina scale on 233 alloy, and this protection is maintained over the
full year-long test.

Besides metal loss due to high temperature oxidation attack, internal oxida-
tion penetration is another important material degradation metric. Internal oxida-
tion attack on the alloys tested was further evaluated from optical cross-sectional
examination, and the results are tabulated in Table 4. Metal Loss was calculated
from the initial coupon weight prior to the oxidation test and its final weight after
the oxidation test and descale treatment. Average Metal Affected (Avg. Met. Aff.)
and Maximum Metal Affected (Max. Met. Aff.) were calculated by summing Metal

Fig. 10 Long-term oxidation behaviors of several high temperature alloys exposed for one-year
cycled each 30 days at 2000°F (1093 °C)
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Table 4 Oxidation attack
measurement on the alloys
oxidized for one year at
2000°F (1093 °C)

Alloy Metal Loss
(mils/μm)

Avg. Met. Aff.
(mils/μm)

Max. Met. Aff.
(mils/μm)

233 0.2/5 1.3/33 1.6/41

617 7.1/180 12.4/315 12.7/323

230 7.7/196 16.0/406 18.3/465

625 a 19.0/483 22.1/561 22.9/582

188 a 21.8/554 25.1/638 26.2/665

aThe results of 625 and 188 alloys were obtained after only eight
cycles (240 days/5760 h)

Loss and average internal penetration and maximum internal penetration, respec-
tively, measured by cross-sectional examination. The average internal penetration
was calculated from eight measurements taken across the full coupon. The oxida-
tion attack results are consistent with the weight change results, but provide more
accurate oxidation attack information. Among the alloys tested, 233 alloy showed
minimal metal loss and internal penetration, i.e., superior oxidation resistance, when
compared to the chromia forming alloys over the one-year oxidation period.

The excellent long-term oxidation resistance of 233 alloy is attributed to the
formation of an exclusive alumina scale, which is shown in Fig. 11. The alumina
scale formed was about 15 μm in thickness with good integrity and adherence to the
substrate. There is a local area in Fig. 11 exhibiting thinner alumina scale, ~5 μm,
which is likely due to spallation of the top of the alumina scale. It is noted that
the partial scale spallation did not result in oxidation attack on the substrate, which
implies that the remaining alumina scale still provided good oxidation protection.
Through the cross-section, no internal oxidation was observed, confirming the excel-
lent oxidation resistant behavior of 233 alloy. The top of the oxide scale showed a
small amount of local spinel with Al, Ni, and Cr. Some particles (bright phases in
the alumina scale on the image) were observed in the alumina scale, and they were
detected to be (Ta, Zr, Ti)-rich oxides. These oxide particles in the alumina scale
could be related to original carbides existing in the alloy matrix and imply inward
growth of the alumina scale. Although not visible in the image, some voids co-existed
around these oxide particles. The existence of the oxide particles and/or voids in the
alumina scale likely enhanced the scale growth rate by increasing diffusion paths in
the alumina scale [7]. As similar oxide particles and voidswere observed on 233 alloy
oxidized for 1008 h at 1149 °C [6],these results indicate that they are not detrimental
to the oxidation resistance of 233 alloy.
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Fig. 11 Cross-sectional
SEM-BSE image of 233
alloy showing the formation
of an exclusive alumina scale
after the one-year oxidation
test at 2000°F (1093 °C)

Summary and Conclusions

1. The microstructure of solution annealed 233 alloy consists of primary carbides
of three types, MC, M23C6, and M6C, scattered within the gamma matrix. The
grain boundaries are free of precipitation.

2. After the recommended two-step age-hardening treatment (AHT2), gamma-
prime (~65 nm) is formed intragranularly and greatly strengthens the alloy.
Additionally, a grain boundary complex is formed including gamma-prime and
isolated Cr-rich and Mo-rich precipitates. This greatly improves the ductility of
the alloy at the critical 1400°F (760 °C) temperature.

3. Thermal exposure of age-hardened 233 alloy at 1200°F (649 °C) for up to
8,000h had little effect on the microstructure. The strength (YS and UTS) and
elongation at both RT and the exposure temperature were comparatively stable
as well.

4. Thermal exposures of age-hardened 233 alloy at 1400°F (760 °C) for up to
8,000h resulted in several microstructural changes including the precipitation
of both intragranular mu and an intergranular Cr-rich phase, coarsening of the
gamma-prime phase to ~130 nm, and further growth of the gamma-prime layer
at the grain boundary.

5. Despite these microstructural changes, the RT and 1400°F (760 °C) strength
(YS and UTS) remained very stable over the duration of the exposure. While
the RT ductility was found to drop as a result of the thermal exposure, the
ductility at the exposure temperature remained quite high for the duration of
the exposure.

6. The high 1400°F (760 °C) ductility of the age-hardened 233 alloy even after
long-term thermal exposure is likely attributable to the presence of a gamma-
prime grain boundary layer which completely envelops the Cr-rich phase.

7. Thermal exposures of age-hardened233alloy at 1600°F (871 °C) for up to8000h
produced microstructures similar to those of the 1400°F (760 °C) exposure, but



Long-Term Thermal Stability and Oxidation Resistance … 289

the amounts of the intergranular Cr-rich and intragranularmu phasesweremuch
less. The intragranular gamma-prime coarsened to an average size of ~420 nm.

8. The coarsening of the gamma-prime at 1600°F (871 °C) led to a drop in
strength at RT and at the exposure temperature which levels off after 1000h.
The 1600°F (871 °C) thermal exposure did not negatively affect the ductility at
either temperature.

9. The effect of thermal exposures of 1200°F (649 °C), 1400°F (760 °C), 1600°F
(871 °C), and 1800°F (982 °C) on the microstructure and tensile properties of
solution annealed 233 alloy were also presented.

10. Overall, it was concluded that prior age-hardening of 233 alloy provides
improved thermal stability, particularly with respect to ductility at the critical
1400°F (760 °C) temperature.

11. The long-term oxidation resistance of 233 alloy was found to be excellent in
comparison to other readily fabricable alloys commonly used in gas turbine
engines. This can be attributed to the formation of an exclusive alumina scale
which remained protective through the full 1-year oxidation test at 2000°F
(1093 °C).
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Subcritical Crack Growth of Alloy 718
in Marine Exposure Conditions
and Microstructural Modeling

A. Arcari, D. J. Horton, M. Zikry, and M. Chen

Abstract UNSN07718 iswidely used inmarine service applications under a variety
of conditions: alternate immersion, different levels of cathodic protection, and freely
corroding galvanic couples. Environmentally assisted cracking can significantly
affect the performance of this alloy and constrains design as it needs to account
for subcritical crack growth in service. We measured subcritical crack growth rates
and thresholds in different environmental conditions for two different heat treatments
of UNS N07718. The first heat treatment, following AMS 5664 is widely used in
the aircraft industry and for marine fasteners, and the second, following API 6A, is
principally used in the marine and oil and gas industries. The material environmen-
tally assisted cracking was studied under alternate immersion to natural seawater and
under cathodic protection in natural seawater. Microstructural modeling is presented
to understand and predict how precipitates, their volume fraction, morphology, and
properties, affect the evolution and accumulation of dislocation densities within the
microstructure, influencing the fracture process at different physical scales.

Keywords Natural seawater · Hydrogen embrittlement · Alternate immersion

Introduction

Nickel-based alloy Inconel 718 is a high strength alloy extensively used in marine
environments due to its combination of high general corrosion resistance, good
strength, and high resistance to chloride and sulfide stress corrosion cracking [1,
2]. The most commonly used condition in marine applications, particularly in the
Oil and Gas sector, is produced to meet the American Petroleum Institute (API)
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standard 6A 718 specification, which has a minimum yield strength of 120 ksi [3,
4]. Inconel 718 API 6A has a unique chemistry, heat treatment, and microstruc-
ture to enhance its resistance to hydrogen embrittlement (HE) and stress corrosion
cracking (SCC). The API specification requires compliance with NACEMR0175 for
all cases involving exposure to H2S, which limits the maximum hardness to Rock-
well Hardness (HRC) 40. Variations in material’s microstructure are a function of
the manufacturing process [5] and there is considerable interest in understanding the
role of the microstructure in the HE performance of the material.

The annealed condition (AMS 5662) is commonly sold for general use in the
aerospace and oil and gas industries, which can then be heat treated to meet various
other conditions: aged perAMS5663 tomeet aerospace requirements or aged tomeet
API 6A and/or NACE MR0175 requirements for use in the oil and gas industry for
marine applications. The AMS 5663 condition requires a minimum of 150 ksi yield
strength and 180 ksi strength. Typical 718 bar for Navy use are procured per AMS
5664, or if that is not available, per AMS 5662 or 5663 by applying an additional
heat treatment to effectively yield a 5664 material. The requirement is similar to
AMS 5663 in terms of strength, but with a higher solution annealing temperature
and longer first and second heat treatment steps.

The use of Inconel 718 (API 6A) in naval applications is increasing, particularly
as a fastener material, due to its resistance to SCC and HE under cathodic protection
systems that maintain an applied potential equal to or more electronegative than −
850mV vs Ag/AgCl [6, 7]. This work compares the behavior of these two commonly
used forms of 718, API 6A and AMS 5664, in two typical marine environments:
natural seawater under alternating wet and dry conditions and under cathodic protec-
tion at −850 mV vs Ag/AgCl. Modeling of the material microstructure to study the
effects of precipitated phases within the metal grains is also presented.

Materials and Experimental Methods

The AMS 5664 material was in the form of a round bar of 4.25 in diameter and the
minimum yield strength was 150 ksi. The API 6Amaterial was in the form of a round
bar of 3.75 in diameter andwithminimumyield strength of 120 ksi. The sampleswere
bothCTsamples, 1.25 in thickness, and2.5 inwidth, and loadedusing a bolt, as shown
in Fig. 1. The samples were tested in natural unfiltered seawater environment at open
circuit potential under alternate immersion conditions and under cathodic protection.
The latter was achieved by connecting the samples to a low voltage aluminum anode
(LVAA) also immersed in seawater to maintain the nominal potential of −850 mV
vs Ag/AgCl.

We subjected fatigue pre-cracked samples to a constant crack mouth opening
displacement (CMOD)while exposed to the environment, andmonitored the progres-
sion of the crack over time by measuring the sample compliance with the use of a
strain gauge attached to the back face of the sample [8]. This technique allows to
study the environmental assisted cracking (EAC) behavior of the material when the
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Fig. 1 Bolt loaded Compact Tension (CT) geometry

driving force progressively reduces over time, with the advancement of the crack. All
samples were fatigue pre-cracked according to ASTME647 guidelines and using the
load shedding method [9]. The fatigue pre-crack length was approximately 0.5 W
for all samples. The final maximum of the Stress Intensity Factor (SIF), Kmax, during
fatigue cycling was lower than the applied stress intensity factor K at the beginning
of the test per ASTM standard guidelines.

A clip gauge on the front face of the sample was used to monitor the applied
bolt pre-load before exposure to the testing environment. The SIF was calculated by
knowing the initial crack length and the applied CMOD. Immediately after loading,
the clip gauge was removed, the sample was deployed in the test environment, and
then monitored continuously using a strain measurement on the back face of the
sample [8]. The strain was monitored using a quarter Wheatstone bridge configu-
ration with completion resistors within the data recording system. The temperature
of one of the samples was monitored to allow temperature correction of the strain
recording. The resistance of the cables from the location of testing to the location of
data recording (~30 feet) was included in the gauge factor as an additional correc-
tion. Previous work showed that the resolution of this technique is 25–50 μm/day.
The strain gauge was protected using a polyurethane rubber compound for OCP
conditions.

Results

For alloy 718 AMS 5664 a total of 3 samples were tested under OCP conditions and
5 under CP conditions. Table 1 shows for each sample: the environment of testing,
open circuit potential under alternate immersion, abbreviated OCP-AIm, or cathodic
protection under full immersion conditions, abbreviated CP−850, the initial K, the
average crack growth rate measured for the sample, the final recorded value of K,
and the total test time.
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Table 1 Test conditions for nickel alloy 718 AMS 5664 and average measured crack growth rates.
The two exposure environments are OCP-AIm, Open Circuit Potential—Alternate Immersion, and
CP, Cathodic Protection with reference electrode potential of −850 mV vs Ag/AgCl

Environment Initial K
(ksi

√
in)

Average da/dt Final K (ksi
√
in) Total Test Time

(hrs)

Sample 1 OCP—AIm 106.0 1.015 10–5 94.75 >10,000

Sample 2 OCP—AIm 104.9 No cracking * >10,000

Sample 3 OCP—AIm 106.1 No cracking * >10,000

Sample 4 CP−850 103.7 1.792 10–4 82 1,800

Sample 5 CP−850 103.0 3.560 10–5 94.5 >5,000

Sample 6 CP−850 82.4 4.672 10–5 78 >5,000

Sample 7 CP−850 82.0 1.891 10–5 75 >5,000

Sample 8 CP−850 81.3 No cracking * >5,000

The results for Samples 1, 4, 5, 6, and 7 of AMS 5664 are shown in Fig. 2. All
these samples showed measurable crack growth by the end of the test. The general
trend for crack progression was of a very low incubation time upon exposure to the
environment, and of high crack growth rates in the early phases of the test. The growth
rates progressively reduced and crack arrest occurred between 800 and 1,800 h of
testing. The samples were left exposed for over 10,000 h in the case of OCP testing
andover 5,000 h for the tests underCPanddid not showany further crack progression.
Sample 4 showed a shorter incubation time and generally faster growth rates than the
corresponding Sample 5, tested at nominally the same conditions. Figure 2b shows
a direct comparison of these two tests for the initial phases of cracking. We do not
currently know the reason for this behavior and can only assume it represents the
scatter in EAC behavior of this material. Analysis of incubation times and stress
intensity among all tests did not show a clear trend or correlation, suggesting that
there is significant variability in the EAC behavior of this material and that a much
larger test matrix is needed.

(a) (b)

Fig. 2 ResultingEACprogression for samples that showed susceptibility during long termexposure
testing



Subcritical Crack Growth of Alloy 718 in Marine Exposure Conditions … 295

Table 2 Test conditions for nickel alloy 718 API6A and average measured crack growth rates

Environment Initial K (ksi
√
in) Measurable

da/dt ?
Final K (ksi

√
in) Total Test Time

(hrs)

Sample 1 OCP—AIm 92.9 4.472 10–7 89.0 >10,000

Sample 2 OCP—AIm 91.4 No * >10,000

Sample 3 OCP—AIm 92.1 No * >10,000

Alloy 718 API(6A) was not susceptible to EAC under OCP alternate immersion
testing conditions. The initial stress intensity for the three samples tested was near
92 ksi

√
in and only Sample 1 showed some initial indication of cracking. This was

recorded during the initial few hours of exposure, followed by a crack arrest for the
remaining test duration. An average crack growth rate is calculated for comparative
purposes only. Samples 2 and 3 did not show any significant crack progression. The
data are summarized in Table 2. The data under OCP alternate immersion conditions
are compared to literature results for CP.

Figure 3 shows a summary of all the results regressed as SIF vs crack growth rate
expressed in inches per hour (in/hr). The downward arrows indicate the lowest SIF
that showed cracking for the material and experimental condition tested. The AMS
5664 variant showed significant cracking under OCP alternate immersion conditions.
The crack growth rates progressively reduced until crack arrest was observed at a
SIF of 94.75 ksi

√
in, here identified as the observed threshold. The same material

under CP conditions showed measurable crack growth at significantly lower K. As
shown, Samples 4, 6, and 7 all showed crack growth rates above 10–5 in/hr for K
higher than 80 ksi

√
in. The behavior of Sample 4 and Sample 5 however were not in

good agreement, with the first showing significant crack progression and a decrease
in K of almost 20 ksi

√
in, while the second showed crack growth rates decreasing

below 10–5 in/hr at a K= 94.5 ksi
√
in, followed by crack arrest. Two out of the three

materials tested at an initial K of 80 ksi
√
in showed measurable crack progression.

The initial fatigue crack growth rates were in agreement with the measurements from
Sample 4 at the beginning of the test and then progressively reduce below 10–5 in/hr
when K reduced below 75 kis

√
in.

Under OCP alternate immersion conditions 718 API6A did not show significant
crack progression and an average crack growth rate is calculated and shown in Fig. 3
for reference only. Data from [10] show that the crack growth rate for 718 API6A
in constant immersion conditions is near 10–6 in/hr for an applied stress intensity of
100 ksi

√
in, and near 10–7 in/hr for an applied stress intensity of 80 ksi

√
in. The data

from the literature are for a constant-K type test rather than a K-shedding test and
represent a conservative upper bound.
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Fig. 3 Summary of results
from long term exposure
testing of alloy 718 (IN718)
produced according to AMS
5664 and API6A

Modeling

While the microstructure of alloy 718 has been extensively studied and specific
compositional limits and thermal processing steps are standardized to reduce HE
susceptibility, the role of precipitates in deformation and hydrogen mechanism
behavior is not well understood. A microstructural meso-scale model was developed
to study the mechanical response of the elements of the microstructure for a constant
applied displacement. Scanning ElectronMicroscopy (SEM) was performed to iden-
tify the parts of the microstructure to be modeled. A portion of the cross section of
the 718 AMS 5664 round bar where the samples were extracted from was encapsu-
lated in conductive epoxy, ground, and polished to progressively finer grit. A final
step of vibratory polishing in colloidal silica allowed the visualization of the grain
boundaries and of the δ phase. The microstructure showed metal grains with average
dimensions close to 10 microns (ASTM E114 number near 8) and the presence
of δ phase at the grain boundary. The δ phase is generally considered to have an
orthorhombic structure, with stoichiometry Ni3Nb. Other precipitates, specifically
γ′ and γ′′, are smaller and mostly coherent with the FCC matrix and are not visible
under SEM. Direct characterization using transmission electron microscopy (TEM)
is planned in future work.

The grain structurewas reproduced by usingVoronoi tessellation: a set of 16 grains
in a 16 μm × 16 μm microstructure in a 2-dimensional plane-strain finite element
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analysis. The number of grains was defined based on a compromise between good
representation of the variations in the material microstructure and a manageable
computational time. As our initial goal is to understand the roles of the different
parts of the microstructure, computational time is minimized to allow an expansion
of modeling parameters. The grain size, overall similar to the observed grain size
from polished samples of AMS 5664, was also a compromise between reflecting
the expected size in the materials studied and the computational burden given by the
modeling of the phases within each grain. The larger the grain, the higher the number
of precipitated phases inside the grains and therefore the computational size of the
model. The δ phase was modeled at the grain boundaries as a circular phase with
diameter ranging from 0.1 μm to 0.2 μm. The model allows for different options for
δ phase shape, size, and distribution on the grain boundary. The option for the results
presented in this work was of a fixed number of two δ phases on each grain boundary,
for grain boundaries that were long enough to accommodate them. Their number on
different grain boundaries also varied as to avoid intersections with other δ phases
or parts of the microstructure. The δ phase was modeled as an ordered tetragonal
crystal with elastic constants C11 = 264 GPa, C12 = 175 GPa, C13 = 155 GPa, C33

= 261 GPa, C44 = 142 GPa, C66 = 150 GPa [11]. The material orientation of the δ

phase was simplified as the average of the Euler angles of the two adjacent grains.
The γ′′ phase particles were modeled at the interior of the grain boundary as

ellipses with major to minor axis ratio of 2. The major axis dimension was varied
between 0.1 μm to 0.2 μm. The former value is representative of an upper bound
limit for the expected size of this phase formaterials with comparable thermal history
to the material tested in this work (AMS 5664 and API 6A) [5, 12, 13]. The larger
size is used for comparative purposes only and it is not meant to be a representative
microstructure. It is a useful referencemicrostructure to study the trends in themodel.
The γ′′ phase particles were randomly distributed at the interior of each grain with
constraints dictated by distance from the grain boundary, to avoid intersection with δ

phase or grain boundaries, and by distance to the other γ′′ phase particles. Although a
characteristic set of orientations was observed for this phase within the γmicrostruc-
ture [14], this model randomizes the orientation of the major axis with respect to the
orientation of the metal grain. Future work will include the expected misorientations
of the γ′′ phase. Constant volume fractions of γ′′ phase were compared by varying
their size and number within the microstructure. The γ′′ phase was also modeled as
an elastic crystalline material with the same constants as the δ phase. The material
orientation of the γ′′ phase was the same as the grains that includes it.

A crystal plasticity formulation was implemented into a User Material subroutine
(UMAT) in Abaqus based on the work by Huang [15] to model the mechanical
response of the metal grains. Before plastic deformations occur, the FCC γ-matrix of
thematerial ismodeled as an elastic crystal with constants: C11 = 233GPa, C12 = 147
GPa, C44 = 112 GPa [16]. The formulation accounts for shear strain deformation on
all 12 slip planes when plastic deformation occurs. The constitutive equations were
modified to account for the distribution of mobile and immobile dislocations within
the microstructure. Following the work by Zikry [17, 18], the strength of each slip
system was modeled as a function of the mobile and immobile dislocation densities
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developed upon plastic deformations. The main step of the implementation of the
theory is in the following evolution equations and their coupling to the shear strain
rate and strength equations:

γ̇ (α) = γ̇
(α)
re f

(
τ (α)

τ
(α)
re f

)(∣∣τ (α)
∣∣

τ
(α)
re f

)(1/ m−1)

τ
(α)
ref =

⎛
⎝τ (α)

y + G
nss∑
β=1

b(β)

√
ααβρ

(β)

im

⎞
⎠

where γ̇ (α) is the shear strain rate and γ̇
(α)
re f is a reference shear strain rate, τ (α) is

the resolved shear stress, τ(α)
y is the initial strength, G is the shear modulus, b(β)

is the Burger’s vector, and all refer to the slip system α. The variable nss is the
number of slip systems, aαβ represents the influence of dislocation accumulation
along a β slip system, 0.2 for cross-coupling and 1.0 for self-coupling, ρ

(β)

im is the
immobile dislocation density for the β slip system. The evolutions of the mobile
and immobile dislocation densities are coupled through a separate set of differential
equations [17, 18]. The material properties for the crystal plasticity model were
developed by simulating the tensile response of a grain aggregate and comparing
with the stress–strain response of the material.

The model also included a sharp crack-like defect at one side, and it was loaded
in tension by applying a constant displacement on the top boundary with the bottom
boundary being fixed. The area near the crack is modeled as an elastic crystal. The
mesh was refined around all the δ and γ′′ phases, for a minimum element size of
0.0125 μm. The largest model, named model C1, included 16 grains, 41 δ phase
particles, and 6100γ′′ phase particles; the number of nodeswas 1,132,375. Themodel
was developed as parametric, allowing all the inputs to be changed systematically
and to observe the variations in mechanical response. Results for three variations of
the largest model developed are presented here. A summary of the input variations
of model C1 is shown in Table 3, each model is given a name for ease of comparison.

The first set of results compares the effects of size of γ′′ phase particles at the
same volume fraction. The volume fractions translate into an area ratio in the 2D
model developed. The total area of the γ′′ phase particles is 23.9 μm2 for the first
model, named C1a, and 23.5 μm2 for the second model, named C1b. The difference
between the two models is in the size of the γ′′ phase: the major diameter is 0.1 μm
for model C1a and 0.2μm for model C1b, all γ′′ phase particles have the same major
to minor diameter ratio of 2.0. Their distribution is different, and it is determined
by randomly positioning particles within the interior of the grain, leaving a distance
equal to the diameter of the δ phase from the grain boundary. The models also have
the same number of grains, grain orientation, δ phase position, size, and orientation.

The resulting total accumulated shear strains for models C1a and C1b are shown
in Fig. 5. The maximum in the contour plot refers to 0.5% shear strain, while the
minimum refers to no accumulated shear. The accumulated shear strain is slightly
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Fig. 4 Representativemicrostructure 2D plane-strainmodel for alloy 718; detail view of the phases
in the finite element model: grain boundary δ phase and intergranular γ′′ phase

Table 3 Summaryof the differences in δ andγ′′ phasemodelingbetween the threemodels presented
in this work

Model
Name

γ′′
number of
particles

γ′′
major
diameter,
μm

γ′′
total area,
μm2

δ

number of
particles

δ

diameter,
μm

δ

total area,
μm2

C1a 6100 0.1 23.9 41 0.4 5.15

C1b 1500 0.2 23.5 41 0.4 5.15

C1c 1500 0.2 23.5 41 0.2 1.29

higher formodelC1awith the smallerγ′′ major diameter. Somedifferences are visible
near a grain boundary towards the bottom of the microstructure. A higher accumu-
lated shear strain occurs there because the two adjacent grains have high misori-
entation. The contours for model C1a are less fragmented and more homogenous
throughout the model. Near the grain boundary this results in a higher accumulated
shear strain for model C1a.

Some differences are also observed in the distribution of immobile dislocation
densities, with dislocation accumulation on a (111) plane in the [−110] direction,
shown in Fig. 6. A small increase in dislocation density for the model with the larger
size of γ′′ particles can be appreciated in several parts of the microstructure. Higher
level of dislocation activity is shown at grain boundaries, particularly at locations
within δ phase particles. A simple quantitativemetric can be obtained from the figures
to have a better sense of their visual qualitative difference. The images are translated
into an 8-bit RGB representation and the pixels with red component higher than
200/255, and with blue and green component equal or lower than 1/255 are counted.
Results show that the number of red pixels for model C1a is lower than for model
C1b.
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(a) (b)

Fig. 5 Total accumulated shear strain for models C1a and C1b. A higher accumulation of shear
strain for model C1b occurs at a grain boundary towards the bottom of the microstructure, while
higher accumulated shear occurs within the grains of model C1a

(a) (b)

Fig. 6 Dislocation density along a (111) plane in the [−110] direction, for model C1a and model
C1b

The third model, named C1c, uses the same size, distribution, and orientation of
the γ′′ phase particles in model C1b and compares the effects of the δ phase volume
fraction by reducing the size of the δ phase in the model to 0.1 μm in diameter.
The results of accumulated slip, in Fig. 7, identify the same critical grain boundary
visualized previously as the location of highest accumulated slip. The maximum
in the contour plot refers to 0.5% shear strain, while the minimum refers to no
accumulated shear. For both models, the accumulated shear strain contour plots are
similarly fragmented by the network of γ′′ phase particles. The comparison also
shows a trend of increasing shear strain with decreasing δ phase diameter. Figure 8
shows the difference in immobile dislocation densities along the (111) plane in the
[−110] direction as shownpreviously. There is a very significant impact of the δ phase
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size along the grain boundaries, with significantly decreased activity throughout the
microstructure. Particularly significant is the reduction in dislocation density at the
critical grain boundary earlier identified. The same metric calculated previously
confirms these qualitative observations and the red pixel number in Fig. 8 is reduced
with respect to both models C1a and C1b.

(a) (b)

Fig. 7 Total accumulated shear strain for models C1a and C1c. A higher accumulation of shear
strain for model C1c occurs at a grain boundary towards the bottom of the microstructure

(a) (b)

Fig. 8 Dislocation density along a (111) plane in the [−110] direction, for model C1b and model
C1c
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Discussion

Experimental

The experimental results reflect a trend of higher growth rates and lower threshold for
higher hydrogen-producing environments. Both materials show a degree of suscep-
tibility to SCC and HE, with the 5664 variant being affected the most. All the results
presented, with the exception of the results from [7], were obtained for K-shedding
conditions. These results are noteworthy, as shedding-K testing conditions are consid-
ered less aggressive than constant- or rising-K. Fasteners in stiff joints aremore likely
to experience a decreasing load when the stiffness of the fastener reduces while the
joint displacement remains constant or in redundant structures if the load redis-
tributes to other parts of the bolted connection. Additionally, because of the constant
applied bolt displacement in the tests, theK decreases faster over time for the samples
showing higher crack growth rates. The higher the initial rate, the higher the reduc-
tion in dK/da experienced by the sample per unit time, which is known to affect the
response of the materials to SCC and HE [7, 19–22].

It is interesting to note that despite the higher rate of reduction of dK/da for Sample
4 when compared to Sample 5, the latter shows crack arrest at higher K.We can infer
that the sensitivity to a reduction in K is not as strong in natural seawater under the
application of cathodic protection at this potential. Trends for nickel alloy 718 and
other precipitation hardened nickel alloys in comparable environmental conditions
[7] show lower crack growth rates for K-shedding conditions. Constant- or rising-K
tests are therefore expected to show higher growth rates and lower thresholds. It is
possible that the long exposure time in unfiltered natural seawater causes local crack
tip conditions to be significantly more aggressive and reduce the sensitivity of the
material to a decreasing K condition. This practically means that crack arrest may
not readily occur and cracks may continue to progress for AMS 5664 material even
after a quick reduction in K. The observed differences may also be related to the
intrinsic material variabilities. Additional experiments are needed to clarify which
factor affects the results more strongly.

Modeling

The models developed represent a microstructure with coarse γ′′ precipitates and
grain boundaries decorated with δ precipitates of regular size. The coarse size of the
γ′′ precipitates is an upper bound limit of observed distributions for the materials
modeled [13]. The δ phase distribution is representative of the occasional precipita-
tion of regularly shaped δ phase within the microstructure, which meets the accep-
tance criteria of the API 6A specification [4]. The C1a model more closely represent
the microstructure for a material that underwent a two-phase heat treatment, like
AMS 5664, with coarser and less coherent precipitates present within the matrix,
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discrete δ phase, and a precipitate-free zone near the grain boundary [13, 23]. The
microstructure for 718 API6A is tailored to minimize the precipitation of δ and the
coarsening of the γ′′ phase. Recent work showed that the API6A could still result in
precipitation of δ phase at the grain boundary, albeit in less regular, more elongated
shape, and γ′′ precipitates with a length near and above 50 nmwithin the microstruc-
ture [7]. As small differences in microstructures of precipitation hardened alloy 718
were shown to determine significant differences in EAC behavior, two models that
better represent the materials tested in this work will be developed based on SEM
and TEM examinations in future work.

The model developed in this work also simplifies the deformation behavior of the
microstructure of the material, in particular, it simplifies the interaction of the matrix
and the precipitates without considering the shearing of precipitates [24]. Because
of the choice in constitutive equations, the precipitates are considered fully coherent
with the matrix during elastic deformations, while they act like obstacles to defor-
mations when the matrix plastically deforms. The intent is to idealize the behavior
of the interaction to reduce the computational burden for a numerical simulation of a
larger portion of the microstructure ahead of the crack tip. The results from the study
of mechanical response are being currently used to develop a model for hydrogen
transport through the microstructure, coupled with the deformation and dislocation
density results presented.

Improvements to the model are underway to represent a more realistic distri-
bution and orientation of the metal grains, and of the γ′′ precipitates, as well
as to include γ′ precipitates, along with more realistic shapes of δ phase at the
grain boundary. A tailored two-step heat treatment process able to yield a 150 ksi
API6A-compliant material was shown to decrease the size of the γ′′ precipitates,
increase the co-precipitation of γ′, and obtain precipitate-free grain boundaries [7,
10, 25]. The modeling presented will focus next on these relatively small changes in
microstructure to study their impact on mechanical behavior.

Despite its shortcomings, the model is able to capture the main trends that have
been identified by experimental work on nickel alloy 718 microstructures. The
modeling results in this work indicate that coarsening of the γ′′ phase results in
increased dislocation density accumulation at the critical areas of the microstruc-
ture in the simulated deformation. Larger γ′′ phase particles in the model likely act
by enhancing defined paths of shear deformation in the model, while obstructing
shear deformations on other paths. Increased dislocation density for other slip planes
modeled at the same location (not shown) supports the theory that intersection of
dislocation slip bands and interaction of dislocation motion may result in increased
strain localization and increased susceptibility to EAC. An increased dislocation
activity is also observed in between the two δ precipitates modeled on one of the
critical grain boundaries in Figs. 5 and 7.

The reduction in δ phase size also translates into a decreased activity comparing
model C1b and C1c in Fig. 8. This seems consistent with observations of increased
occurrence of intergranular cracking in the presence of δ phase at the boundaries,
particularly for grain boundaries with higher coverage of δ precipitates. The change
in dislocation activity is significant in all of the areas of the microstructure, where the
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δ phase acts as a magnet for increased dislocation activity. The results also indicate
increased strain localization in the precipitate-free zone.

Conclusions

This study compared theEACbehavior of two commonly used variants of a alloy 718.
Two different exposure conditions, OCP under alternate immersion conditions and
CP at−850mVvsAg/AgCl highlight the susceptibility to hydrogen-producing envi-
ronments ofAMS5664variant.A significant degree of variability in the results at high
applied SIF was also observed. The API 6A variant was significantly less susceptible
to EAC in OCP alternate immersion conditions. Ameso-scale microstructural model
was developed to study the role of precipitates within the material’s microstructure.
An initial set of models was developed to represent the susceptible microstructure of
the AMS 5664 material studied. The model uses a dislocation density based crystal
plasticity formulation and simplifies the matrix-precipitate interaction to represent
partial coherence with the matrix. Results of the model show trends in line with liter-
ature observations on HE sensitivity of material microstructures. Increased disloca-
tion activity for larger γ′′ and δ precipitates at the grain boundary are interpreted as
increased hydrogen transport paths to weak areas of the microstructure.
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Hot Corrosion Behavior of a GH4720Li
Disk Superalloy at 700 °C
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Zhongnan Bi, and Jinhui Du

Abstract The nickel-based superalloy disk components in the turbine sections were
subjected to Type II hot corrosion damage in the sulfur-containing salt contaminants
at 650 °C–750 °C. The alloy GH4720Li with different grain sizes was corroded
in a mixture of sulfates (25% NaCl + 75% Na2SO4) at 700 °C for 200 h, and
the microstructure evolution was investigated. The experimental results showed that
when the grain size increased from 15.9 to 127 μm, the mass loss decreased by
96%, and the corrosion layer thickness decreased by 44%. The hot corrosion resis-
tance increased with the increasing grain size, and the corrosion failure mechanisms
changed from pitting corrosion to uniform corrosion. The corrosion layer comprised
NiCr2O4, Al2O3, CoO, TiO, Ni3S2, and CoS2. The oxide layer, Ni/Co-rich layer and
S-rich layer were stratified and sequentially located on the alloy GH4720Li surface.
The corrosion behavior was accelerated by the triangular grain boundaries (GBs)
and γ′ phase, the segregation behavior of Cr elements in the GBs, as well as the
γ′ phase formation promoted the tendencies for pit nucleation in the fine-grained
structure. In contrast, the Ni/Co-rich layer provided better resistance to hot corrosion
and was easier to form on the surface of the coarse-grained structure. The sulfide-
oxidation cycle mechanism could well describe the hot corrosion behavior of the
disk superalloy.
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Introduction

The nickel-based superalloys are widely used to fabricate the turbine components
of jet engines due to their excellent mechanical properties, such as high-temperature
strength, toughness, and corrosion resistance at high temperatures. The turbine disks
and blades suffer from hot corrosion in the marine environment [1], resulting in the
degradation of mechanical properties and catastrophic failure of turbine components
[2, 3].

The hot corrosion is often categorized into high-temperature hot corrosion (Type
I, 850 °C–950 °C) and low-temperature hot corrosion (Type II, 650 °C–800 °C)
depending on the temperature regime and the salt composition. Type I hot corro-
sion in nickel-based superalloy has been extensively studied due to the increasing
jet engine turbine blade operating temperature, in which the degradation of material
mechanical properties was induced by deposited molten salts above approximately
800 °C. However, the turbine disk operating temperature increased above approxi-
mately 700 °C, which met the Type II hot corrosion temperature regime. Therefore,
an indepth understanding of the disk material attack due to the presence of eutectic
salt mixtures is required, which occurs in a stable molten form. The Type II hot
corrosion databases need to be generated over a wide range of time, temperature,
and environmental conditions to support the disk material applications. The present
study focused on the effect of Type II hot corrosion on theGH4720Li alloys at 700 °C.

Type II hot corrosion mechanisms have been described by researchers [4]. The
eutectic liquidNa2SO4–MSO4 formedon the surface ofmaterials is essential for Type
II hot corrosion occurrence. The melting point of Na2SO4–NiSO4 and Na2SO4–
CoSO4 is 671 °C and 576 °C, respectively [5]. The formation of Na2SO4–MSO4

eutectic solutions leads to a high corrosion rate with a maximum at about 700 °C
for the Ni–Cr–Co-based GH4720Li alloy. The attack form of hot corrosion usually
generates pitting damage with internal sulfidation in the front of the corrosion pit,
which affects fatigue behavior [6]. The corrosion pits in Rene104 serve as stress
concentration sites where fatigue cracks initiate and grow under cyclic loads [7].
The corrosion damage evolution of Rene 104 was represented as selective carbide
oxidation leading to a pitted surface, followed by sulfur-related accelerated hot corro-
sion damage [8]. Li et al. [9] proposed a hot corrosion fatigue life estimation of a
PM superalloy, in which the corrosion pit due to hot corrosion was considered the
micro notch that decreased the fatigue life. The pit damage due to the hot corrosion
has been extensively studied in the liberate, and this study focused on the grain size
effects on the hot corrosion.

The alloying element [10, 11], grain boundary (GB) [12], grain size [13], and γ′
phase affect the corrosion attack evolution. Taylor et al. [14] investigated Type II
hot corrosion of the CMSX-4 alloy at 700 °C, and the results showed that the outer
layer was rich in Co and Ni, which transformed into mixed oxides of Co and Ni,
and the inner layer was rich in Cr, Al, and S. Cr promoted the continuous Cr2O3

scale formation which could be self-healed under hot corrosion circumstance [10].
Co and Ti also can provide better hot corrosion resistance of the FGH4096 alloy
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[15]. The corrosion mechanism of nickel-based superalloy changed from pitting
corrosion to uniform corrosion with the grain size increment. The driving force for
the Cr diffusion from grain to boundary in the coarse grain was lower than the fine
grain [16]. Penetration of S and depletion/enrichment of alloying elements can be
confined by the sample boundaries which significantly reduces hot corrosion of 617
alloys [12]. The grain size and GM of GH4720Li alloy significantly affect the hot
corrosion behavior. It is of great importance to study the hot corrosion behavior at
disk operating temperatures for a longer duration.

This study aims to study the Type II hot corrosion behavior of a GH4720Li disk
superalloy with different grain sizes at 700 °C for 200 h. The microstructural devel-
opment of the corrosion scale and subscale microstructure were studied by scanning
electron microscopy (SEM), energy-dispersive spectroscopy (EDS), Electron probe
X-ray microanalyzer (EPMA), and X-ray diffraction(XRD).

Materials and Experimental Procedures

GH4720Li is a γ′ precipitation-hardened Ni-based superalloy used for aero-engine
turbine disk applications. The ingot of as-received material was produced by vacuum
induction melting, electro-slag refining, and vacuum arc refining. The chemical
composition of the investigated alloy is shown inTable 1. The forged barwas obtained
after the ingot homogenization treatment, fast forge, and radial forge. Then, the forged
bar was forged to form aGH4720Li disk at 1100 °C, and the fine-grainedmicrostruc-
ture was observed. The disk diameter was 220mm, and the rim thickness was 45mm.
The samples for hot corrosion tests were cut from the edge of the disk using electro-
discharge machining along the tangential direction, as shown in Fig. 1. The circular
and square samples were ϕ10 × 10 mm and 10 × 20 × 10 mm, respectively.

The grain size effects on Type II hot corrosion performance of forged GH4720Li
superalloy were investigated. The different grain sizes of samples were gained by
controlling the heat treatment in a chamber furnace. The samples were produced
by heat treatment at 1130 °C–1160 °C with three different holding times (1, 2, or
4 h), followed by air cooling, and then treated by two-step aging heat treatment:
650 °C/24 h/air quenching (AQ) + 760 °C/16 h/AQ. Three circular samples and
three square samples were used in hot corrosion tests to ensure experimental data
accuracy. Circular samples were used for surface observation after corrosion tests,
and the square samples were used for cross-section observation. The circular samples
and square samples with different heat treatments were named H1–H4 samples and

Table 1 Chemical composition of the as-received GH4720Li alloy (in wt.%)

Cr Al Ti Co Mo W B C Ni

16.17 2.56 4.94 14.73 2.92 1.27 0.014 0.015 Bal
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Fig. 1 Schematic diagramof theGH4720Li disk (a) and the samples used for hot corrosion tests (b)

Table 2 Heat treatment system of the GH4720Li superalloy

Samples Temperature/°C Hold time/h Cooling method Aging

Circles Squares

Z1 H1 1130 1 Air 650 °C/24 h/ AQ +
760 °C/16 h/AQZ2 H2 1140 4

Z3 H3 1150 2

Z4 H4 1160 1

Z1–Z4, respectively. The detailed heat treatment process and sample number are
shown in Table 2.

All surfaces of samples were ground on SiC paper (1200 grit) with a mean particle
diameter of 15 μm. The samples were ultrasonically cleaned in ethanol and dried in
hot air to remove atmospheric contaminants before the hot corrosion tests. Type II
hot corrosion tests were carried out to investigate the hot corrosion behavior of the
GH4720Li superalloy. The samples with different grain sizes were buried in alumina
crucibles under the 25%NaCl+ 75%Na2SO4 salt mixtures. Then, the crucibleswere
heated in a chamber furnace at 700 °C for 200 h. After the hot corrosion tests, all
samples were desalted in boiling water at 100 °C. The mass of each sample and the
collected corrosion products were recorded before and after hot corrosion exposure.
The specific mass per surface area was also calculated.

The corrosion products on the surface of the samples were identified via XRD
using a Bruker D8 Focus diffractometer. For the metallographic examinations, the
corroded samples were embedded in epoxy resin and ground in cross-section on SiC
papers from 400 to 2000 grit and chemically polished with a 0.02 μm silica suspen-
sion to obtain a smooth surface (Ra < 0.1 μm). The section samples were cleaned
in acetone anhydrous before metallographic observations. The corroded samples
were observed by optical light microscopy (OM, OLYMPUS GX71 microscope).
The samples for SEM observation were electrolytically polished in a solution of
20% H2SO4 + 80% CH3OH under the voltage of 25–30 V, followed by electrolytic
etching in the solution of 170ml H3PO4 + 10ml H2SO4 + 15 g CrO3 under a voltage
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of 5V. Themicrostructure observations were conducted by SEM (JSM-7200Fmicro-
scope) coupled with an EDAX detector for EDS analyses. Element mappings with
a spatial resolution of 1 μm were obtained by electron beam microprobe (EPMA,
JXA-8350F).

Results and Discussion

The initial microstructures of the as-received materials are shown in Fig. 2. The
GH4720Li alloy consisted of the γ matrix with equiaxed grain and a high fraction of
γ′ precipitates. The γ′ precipitates were formed in the forging process and existed on
the GBs and within the grains. The area fraction of γ′ precipitates was about 45%.
The average grain size of this alloy was about 10μm. The primary γ′ precipitates (1–
3μm) pinned the GBs or triple-junction (Fig. 2a). The grains couldmaintain uniform
and fine structure during the hot deformation at sub-solvus temperatures due to the
pinning effect by primary γ′ precipitates in GBs. The secondary γ′ precipitate (90–
200 nm) and tertiary γ′ precipitate (15–50 nm) were distributed in the interior of
grains (Fig. 2c, d).

Fig. 2 Initial microstructure of the GH4720Li alloy: a the OM image, b the IPF map, c, d SEM
images
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Fig. 3 Micrographs of the grain structure and primary γ′ precipitate distribution of the GH4720Li
alloy: a, e H1 samples; b, f H2 samples; c, g H3 samples; and d, f H4 samples

Themicrostructures ofH1–H4 samples are given in Fig. 3. The results showed that
the grain grew gradually with the solution temperature increase. The volume fraction
of primary γ′ precipitate, which was mainly distributed on the GBs, decreased from
35 to 0% with increasing solution temperature.

It can be seen from Fig. 4a that the particle size of primary γ′ precipitates was
0.5–8.5 μm in the H1 sample. The equilibrium volume fraction of γ′ precipitates
decreased with increasing temperature [17]. Hence, the area fraction of primary
γ′ precipitates with the sizes of 3–5 μm in the H2 sample decreased compared
with the H1 sample. This suggests that the γ′ precipitates with a size larger than
3 μm were gradually dissolved when the solution treatment temperature increased
to 1140 °C. In addition, as shown in Fig. 4b, the volume fraction of the primary
γ′ precipitate of the H1 sample was approximately 5%, and the average grain size
was 15.9. The average grain size slightly increased from 15.9 to 127.0 μm with the
solution temperature increase from 1100 °C to 1160 °C. The dissolving temperature
of the γ′ precipitates of GH4720Li was 1160 °C [18]. The grain growth behavior
during sub-solvus temperature heat treatment suggested that the restriction of the
grain growth process couldmainly be attributed to the pinning effect of γ′ precipitates
[17, 19]. The volume fraction of γ′ precipitates decreased significantly to 0.03% for
the H4 sample, which would eliminate the particle-pinning forces and quickly result
in grain growth [20, 21].

Figure 5 shows the macroscopic morphologies of the GH4720Li alloy samples
with different microstructures after hot corrosion at 700 °C for 200 h. The edges of
the samples were corroded, resulting in the formation of corrosion pits and corro-
sion products. Samples were easily subjected to corrosion due to the large stress
concentration at their edge locations. The uncorroded area of the corroded samples
gradually increased, corrosion layer and corrosion pits gradually reduced with the
grain size increase. The corrosion pits were not observed on the surfaces of the H4
samples. This indicates that the larger grain size improved the corrosion resistance
of materials.

Figure 6 shows the mass change comparison of the H1–H4 samples after hot
corrosion at 700 °C for 200 h. The weight gain per unit area (�w in mg/cm2) as
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Fig. 4 Primary γ′ precipitate size distribution (a) and average grain size (b) for H1–H4 samples

Fig. 5 Macroscopic morphologies of the samples with different microstructures after hot corrosion
at 700 °C for 200 h. The surface morphology of H1–H4 samples after hot corrosion and the cross-
sectional morphology of Z1–Z1 samples after hot corrosion are shown. The corrosion layer of the
samples was removed

a function of grain size showed that no spallation or evaporation occurred during
exposure tests for all samples, and no sudden drop was observed. It was clear that
weight gain increased gradually as the grain size decreased. The weight gain per unit
area corrosion of H4 samples (0.454 mg/cm2) was about 27 fold the H1 samples
(0.017 mg/cm2). This indicates that the coarse grains of the GH4720Li superalloy
had better hot corrosion resistance than the fine grains.

The XRD tests were carried out to detect the phase constitution of the corrosion
layer. The XRD patterns of the corrosion products on the surface of the H1–H4
samples after hot corrosion at 700 °C for 200 h are illustrated in Fig. 7. The XRD
patterns of the GH4720Li alloy after hot corrosion showed similar characteristics.
The corrosion products were composed of Ni, NiCr2O4, TiO, CoO, Ni3S2, and CoS2,
indicating that the change of microstructures had no effects on the types of corrosion
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Fig. 6 Mass change of the Z1–Z4 samples after hot corrosion at 700 °C for 200 h

products. Furthermore, the products demonstrated that the Type II hot corrosion of
GH4720Li alloy included two processes: oxidation and sulfuration.

The corrosion layers and corrosion pits were formed on the surface of the samples
after hot corrosion of GH4720Li at 700 °C for 200 h. The results were consistent

Fig. 7 XRD patterns of the
corrosion products of the
H1–H4 samples after hot
corrosion at 700 °C for 200 h
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with those reported by Jiang H et al. [15] and Zheng L et al. [22]. Chloride in the
form of volatiles leads to the formation of voids and pits, which provides an easy
path for the flow of corrosive agents in the sodium chloride-coated samples [23, 24].
The metal matrix would be corroded rapidly when the protective layer is broken.
However, the corrosion rates of GH4720Li were influenced by grain size, γ′ phase,
and GB. Figures 5 and 6 indicate that the samples with larger grain sizes had better
hot corrosion resistance. The corrosion products demonstrated that hot corrosion
included two processes: oxidation and sulfuration. NiCr2O4 was formed from NiO
and Cr2O3 spontaneously [22, 25]. The outward diffusion of elements such as Cr,
Ni, and Ti interacted with oxygen to form oxides [26]. Cr2O3 can play an important
role in protecting materials’ substrates from further corrosion [27]. The formation of
sulfides resulted from the interaction between the metal matrix and the molten salt
of sodium sulfate, and several reports proved that sulfur could only be obtained from
the dissociation of sulfates [5, 28].

Figure 8 shows morphologies of the corrosion pit on the surface of GH4720Li
samples subjected to hot corrosion at 700 °C for 200 h. It can be confirmed that
corrosion pitting was the main form of corrosion attack. It can be observed that
intergranular corrosion occurred around the corrosion pit on the surface of H1–H3
samples, as shown in Fig. 8a–c. However, the GBs on the surface of the H4 sample
were corroded slightly, as shown in Fig. 8d. The GBs around the corrosion pit were
also corroded, accelerating the corrosion process. The attack form of hot corrosion
usually generates pitting damagewith internal sulfidation in the front of the corrosion
pit. Figure 9 displays the surface micrographs around the corrosion pit and EDS
elemental mapping analysis on the surface of the H1 sample after hot corrosion at
700 °C for 200 h. The elemental maps demonstrated that the major element in area
A was O, S, Cr, Co, and Ni. Distributions of Cr, Co, and Ni overlapped that of O,
which proved that Cr, Co, and Ni were preferentially oxidized during hot corrosion,
and the corrosion layer was mainly composed of Cr2O3 and NiO. Due to the high
stability, Al2O3 can form a protective scale to avoid sulfur and oxygen attack at
elevated temperatures by inhibiting the diffusions or penetrations of oxygen and
sulfur. Cr2O3 was also protective to protect the substrate from further corrosion. At
the same time, sulfides were detected in area B. The S element penetrated the region
near the interface along the GB.

The corrosion attack severity investigation was carried out by cross-section
microstructure analysis. The cross-sections micrographs of GH4720Li samples after
hot corrosion at 700 °C for 200 h with different grain sizes are shown in Fig. 10.
The cross-section morphologies showed that the lamellar distribution characteristic
was mainly composed of a white layer and a gray layer. The average thickness of
corrosion layer decreased from 955.65 to 540.86 μm with the grain size increase.
Meanwhile, the corrosion layer tended to become dense, and the coarse-grained
samples had better hot corrosion resistance, consistent with the results observed in
Figs. 5 and 8.

The interface micrographs between the substrate and corrosion layer on the cross-
section of the Z1 and Z2 samples after hot corrosion at 700 °C for 200 h are shown
in Fig. 11. Figure 11b, c shows the higher magnification images of areas A and B.
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Fig. 8 Surface morphologies of the corrosion pit for the GH4720Li samples after hot corrosion at
700 °C for 200 h: a H1 sample; b H2 sample; c H3 sample; and d H4 sample. The corrosion layer
of the samples was removed

Fig. 9 Surface micrographs around the corrosion pit and EDS elemental mapping analysis of the
H1 sample after hot corrosion at 700 °C for 200 h. The corrosion layer of the samples was removed
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Fig. 10 Cross-section micrographs of the Z1–Z4 samples after hot corrosion at 700 °C for 200 h:
a Z1 sample; b Z2 sample; c Z3 sample; and d Z4 sample

Figure 11e, f show the higher magnification images of areas C and D. Areas A and
C showed a sparse corrosion layer on the cross-section of the corroded sample. The
elemental distribution of O, S, Na, Al, Ti, Cr, Co, and Ni was given by EPMA in
Area A (Fig. 12). The analysis results confirmed that the corrosion layer was mainly
enriched with Na, O, S, Ni, and Co elements. This layer was vulcanized but not fully
oxidized. S diffused into the substrate through the porous oxide scales. The GBs in
the matrix were corroded, and S penetrated into the substrate along the primary γ′
precipitates and crystal boundaries.

The GBs at areas B and D were uncorroded. The EPMA elemental mapping
analysis of area B is shown in Fig. 13. The corrosion layer was divided into two
layers, with the outer layer being sparse and the inner layer comparatively dense.
Elemental analysis results revealed that the outer layer was mainly enriched with Cr,
Al, and Ti oxides. The inner layer was enriched in Co and Ni elements and partially
sulfided to form CoS2 and Ni3S2. A small amount of Na2SO4 molten salt solution
expanded downward along the loose layer.

The interface micrographs between the substrate and corrosion layer on the cross-
section of the Z3 and Z4 samples after hot corrosion at 700 °C for 200 h are shown
in Fig. 14. The interface corrosion morphology of the Z3 sample was similar to that
of Z1 and Z2 samples, but the GB was corroded slightly. The interface corrosion
morphology of the Z4 sample showed GBs were not corroded. Figure 14f shows that
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Fig. 11 Interface micrographs between the substrate and corrosion layer on the cross-section of
the Z1 sample (a) and Z2 sample (b) after hot corrosion at 700 °C for 200 h. Figure 12b, c shows
the higher magnifications of areas A and B, and Fig. 12e, f shows the higher magnifications of areas
C and D

Fig. 12 EPMA elemental mapping analysis of area A on the cross-section of the Z1 sample

the corrosion layer located in area 3 was denser and mainly enriched with the Co
and Ni elements (Table 3). The corrosion layer gradually became loose along the
direction from matrix to surface. Area 1 was the oxide layer, where Cr, Co, Ni, Al,
Ti, and other elements were oxidized, as shown in Table 3. Area 2 was the sulfide
layer, where Ni, Co, and other elements were gradually sulfided.
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Fig. 13 EPMA elemental mapping analysis of area B on the cross-section of the Z1 sample

Fig. 14 The interface micrographs between the substrate and corrosion layer on the cross-section
of the Z3 sample (a) and Z4 sample (d) after hot corrosion at 700 °C for 200 h. Figure 15b, c shows
the higher magnifications of areas D and E, and Fig. 15e, f shows the higher magnifications of areas
F and G

Table 3 Typical elemental composition of the corrosion layer (in wt.%). The location is shown in
Fig. 14f

Element O S Na Al Ti Cr Co Ni

Area 1 38.63 0.86 5.19 2.87 17.15 19.30 6.83 8.94

Area 2 18.77 19.46 8.61 0.84 2.13 14.62 5.91 25.61

Area 3 – 1.34 – 1.82 0.82 5.95 15.07 74.99

Area 4 – – – 2.89 5.93 13.37 12.73 58.16
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The enrichment of certain alloying elements (viz. Cr, Ni, Co, Al, and Ti) along
with sulfur and oxygen shows the formation of both internal sulfides and oxides in
the GH4720Li alloy (Figs. 9, 12, and 13). These results were consistent with the
literature concerning hot corrosion studies of numerous grades of superalloys [15,
22, 29]. The released S coming from the Na2SO4 molten salt solution corroded the
matrix when the protective scale was broken down [30]. With further time extension,
sulfides were oxidized to form a loose oxide layer (Fig. 9). Oxidation of the sulfide
released S atoms, diffusing into the matrix and accelerating the corrosion attack.
The sulfides penetrated deep into the matrix, and the corrosion of GH4720Li alloy
repeated sulfidation and oxidation processes [31].

The corrosion resistance ofGH4720Li sampleswith differentmicrostructureswas
investigated after hot corrosion at 700 °C for 200h.Coarse-grained samples hadbetter
hot corrosion resistance than fine-grained samples (Fig. 11). Themajor characteristic
was the difference between the corrosion layer and GB. Large grain size samples
(H4) showed uniform corrosion, while relatively small grain size samples (H1–H3)
showed pitting corrosion. The major reason was that Ni/Co-rich layers had better
hot corrosion resistance and were more easily developed on the surface of coarse-
grained structures (Figs. 11 and 14). On the other hand, high-angle GBs (HAGBs)
are important in promoting intergranular corrosion [12]. The H1–H3 samples had
a smaller grain size and higher GBs than the H4 sample. The triangular GBs and
primary γ′ phases accelerated the corrosion behavior and promoted the formation
of corrosion pits. S atoms were more likely to corrode the matrix through the GB,
and the H4 sample showed uniform corrosion. In addition, the GBs of the coarse
grain (H4) had longer element diffusion paths and lower interfacial energy with a
significant impact on impeding the diffusion of the percolating elements (Cr, S, and
O) [12]. The longer GBs in the coarse grain seem to be resistant to S diffusion, which
prevented S atoms from percolating deeper into the matrix and eventually delayed
the pit core formation from a hot corrosion attack.

Conclusions

In this study, the microstructure effect with different grain sizes on the high-
temperature hot corrosion behavior of the studied alloy was critically evaluated by
immersing some of the processed samples in the salt mixture of 75%Na2SO4 + 25%
NaCl at 700 °C for 200 h. Some of the important conclusions that can be drawn from
this study are as follows:

(1) The hot corrosion process of GH4720Li consisted of a cooperating process of
sulfidation and oxidation. The corrosion products were similar in the samples
with different grain sizes and mainly consisted of NiCr2O4, Al2O3, TiO, CoS2,
and Ni3S2.
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(2) Increasing the grain size improved the hot corrosion resistance of the GH4720Li
alloy, resulting in the corrosion failure characteristic change from pitting corro-
sion to uniform corrosion. The triangular GBs and primary γ′ phase in fine
grains accelerated the corrosion behavior. The Ni/Co-rich layer and long GBs
in the coarse grains prevented S penetration along the GBs, which reduced the
corrosion rate.

(3) The H4 sample exhibited a significantly lower corrosion depth (~540 μm).
This clearly highlights that the coarse-grained microstructure of GH4720Li
has practical potential in the hot corrosion environment, although it does not
completely terminate it.
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Part IV
Modelling and Data Analytics



Application of Computational Materials
and Process Modeling to Current
and Future Aero-Engine Component
Development and Validation

David Furrer

Abstract Computational materials and process modeling capabilities have evolved
over the past several decades. More recently, the Materials Genome Initiative (MGI)
has provided focus on this technology and its application for rapid and lower cost
materials and process development and implementation. Integrated Computational
Materials Engineering (ICME) is now part of many organizations’ engineering
and design approaches and associated infrastructures. Nearly all current new and
future materials and process technology developments do or will involve application
of modeling and simulation. The evolution of materials modeling and application
to mainstream and emerging supply-chain processes will be reviewed with some
perspectives on what the future might hold. Special emphasis will be made to review
application of ICME Alloy 718 and derivative materials and components. The use
of computational modeling and simulation to material and process development is
being extended to component qualification and certification. There are significant
opportunities and prospects for materials and process modeling to enable further
advancements in alloy design and definition, materials processing methods develop-
ment, and enablement of enhanced utilization of material capabilities to new product
application spaces.

Keywords Computational modeling · Simulation · Integrated computational
materials engineering · ICME · Alloy 718 · Superalloys · Industry 4.0

Introduction

There has been and continues to be great promise for the use of computational
modeling tools and methods to support the materials science and engineering disci-
pline and the Materials Genome Initiative (MGI) [25]. This goal is being real-
ized through many specific applications, from materials design, process design,
component design, and component and process qualification and certification. These
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advances are happening as a result of the confluence of the maturity of several crit-
ical technologies, including materials characterization, process sensors and controls,
materials and process definitions, physics-based computational models, efficient
computer technologies and infrastructure, data management plans and curation
systems, and data analytics. Each of these technologies are critical enabling elements
that are increasing the rate of application and adoption of computational material and
process modeling. [10, 22].

The aerospace industry and aero-engines products specifically, have been driving
the need for advanced materials capabilities for their demanding application envi-
ronments. The evolution of turbine engine architectures along with the continued
drive for increased fuel efficiency and durability has continued to push the demand
for greater performance materials and components. These enhancements in capa-
bilities have come from both new alloy systems and a greater understanding and
control of processes. Material and ultimately component properties are controlled by
path-dependent processing or exposure from initial material manufacture, compo-
nent production to system operation, repair, and retirement. Traditional methods
to design materials and processes by empirical Edisonian trial-and-error methods
have served the industry well but are too expensive and too time consuming for the
commercial demands and constraints of today. Computational modeling methods are
enabling new discoveries in material science and engineering and are providing for
rapid insertion of new materials and processes in the production of new products.

There are several main modeling types and applications that have been and
continue to be applied to Alloy 718 and derivative alloys. Alloy design activities
have been supported by thermodynamic and kinetics modeling. Process modeling
tools have been matured to the point where they are invaluable for casting, forging,
heat treating, and emergingmanufacturingprocesses, such as additivemanufacturing.
These tools have been utilized by engineers for specific applications, but are now
being applied at amuch broader, system level to support product design optimization.
Each of these main applications will be the focus of the following sections.

Thermodynamic and Kinetics Modeling

Phasediagrams are critical tools thatmaterials engineers utilize to guide their research
in the pursuit of new, more capable materials, and to understand how microstruc-
tures and associated phases can be manipulated by thermal or thermo-mechanical
processing. Historically, such phase diagrams were developed by careful experimen-
tation and ex situ or in situ physical characterization of samples of varying chemistry
that were exposed to various thermal processes. While such careful experimentation
is still needed and is even becoming more exacting with the development and matu-
ration of new materials characterization and sensor technologies, thermodynamic
modeling has become a significant and powerful tool that is being used to predict
both equilibrium and non-equilibrium phased diagrams. Figure 1 shows an example
of a predicted phase diagram for Alloy 7189. These predictive capabilities provide
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newfound knowledge regarding stable and meta-stable phase equilibria. The use of
computational modeling and simulation tools can rapidly provide for prediction and
assessment of the sensitivity of alloying elements to the phase equilibria and phase
stability of Alloy 718 and derivative alloys.

Thermodynamic modeling is also being applied to the calculation of thermophys-
ical properties. These predicted properties have been validated against careful phys-
ical measurements and provide a more complete picture of a material’s properties
as a function of temperature as compared to limited experimentally available data.
Figure 2 shows examples of predictions of Alloy 718 Heat Capacity and Thermal
Conductivity as a function of temperature. These types of predicted thermophysical
properties are being incorporated into other types of modeling applications to enable
prediction of such things as microstructure, mechanical property, and residual stress
evolution.

The understanding of phase equilibria in alloys is important in the development
and optimization of alloys, but knowledge of the kinetics of phase reactions is equally
important. The competitive nucleation and growth of stable and meta-stable phases,
and their associated volume fractions, sizes, and distributions ultimately control the
mechanical behavior of alloys such as Alloy 718. Considerable work has been previ-
ously conducted to physically measure the kinetics of various reactions in Alloy
718 and derivatives [32] Oradei-Basile [30], Carlson [5]. Figure 3 shows predic-
tions of precipitate formation and growth during cooling from two different solution
temperatures and starting microstructures.

Long-time stability of alloys is also of great importance when designing new
alloys and associated manufacturing processes. Alloy 718 for example will precip-
itate alpha-Cr during long exposures. The instability and application-based trans-
formation have been successfully modeled and utilized for both alloy chemistry
optimization and defining component application space.

a b  

Fig. 1 Thermodynamic predictions of constituent phase fraction versus temperature for an Alloy
718 material with a nominal chemistry of: 18.24%Cr; 53.02%Ni; 3.07%Mo; 4.94%Nb; 0.97% Ti;
0.52%Al; 19.24% Fe in weight percent; where (A) shows predictions for the equilibrium gamma, δ,
and γ′ phases and (B) for suspension of δ phase and inclusion of the meta-stable γ′′ phase. Courtesy
of F. Zhang and CompuTherm LLC
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Fig. 2 Computed a heat capacity and b thermal conductivity for Alloy 718 as a function of
temperature. Courtesy of P. Mason and Thermo-Calc Software

Fig. 3 Predicted particle diameter for δ, γ’ and γ” during precipitation from a super-delta solvus
solution heat treatment (a), and coarsening of γ’ and γ” during isothermal aging at 700 °C. Courtesy
of F. Zhang and CompuTherm LLC

The desired mechanical properties of Alloy 718 are largely controlled by the
precipitation of gamma-prime and gamma-double-prime which are in competition
with delta phase formation. A balance of mechanical properties can be realized with
a controlled volume fraction, spatial distribution, and morphology of each of these
phases for a given gammagrain size and alloy chemistry.Models have been developed
to enable the prediction of mechanical properties of nickel-base superalloys as a
function of microstructure [17, 23, 31] Such computational tools are being further
developed to include further understanding of the physics of the mechanical property
behavior. Precipitate shearing is a significant mechanism through which alloys are
strengthened. The mechanism of precipitate shearing includes the formation and
transmission of dislocation partials. Drag on these dislocations increases the strength
of the material. Anti-phase boundary (APB) energy is one of the driving forces that
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hinder the ability of dislocations to penetrate and move through ordered precipitates
which are present in Alloy 718 and other nickel-based superalloys. The ability to
predict APB energies as a function of alloy and precipitate phase chemistry is aiding
the design and optimization of new alloys [15].

Model-Based Alloy Design and Development

Computational materials models are being used more frequently to design and opti-
mize new alloys for specific sets of mechanical properties and component perfor-
mance [28, 29, 38]. Model-enabled alloy design has shown the ability to design a
nickel-based alloy that has greater capability over that of the highest strength variants
of Alloy 718 [18]. The approach used included ab initio calculations of APB energies
as a function of chemistry, thermodynamic and kineticsmodeling of phase formation,
chemical portioning and microstructure evolution, mechanical property predictions,
and associated optimization of chemistry and processing parameters. Figure 4 shows
the overall computational workflow for an advanced Alloy 718 derivative alloy.
Figure 5 shows measured yield strength properties for the computationally designed
superalloy compared with the properties of a high-grain, high-strength version of
Alloy 718.

Deformation and Microstructural Evolution Modeling

Forging modeling has been utilized to study, design and optimize deformation
processes to achieve required microstructures throughout the volume of aerospace
components, including Alloy 718 rotors [8, 9, 24, 34, 36] These modeling and simu-
lation efforts have demonstrated the capability of prediction of recrystallization and
grain growth. Figure 6 shows predicted average grain size contours for example,
Alloy 718 disk [7, 35]. This example is unique in that it shows the as-heated grain
size within the central low strain, die-lock areas. The as-heated grain size for the
billet material was predicted to be ASTM average 8. The prediction also shows
a significant reduction in grain size with increasing strain away from the top and
bottom die-lock regions. The refinement in grain size is a result of dynamic recrys-
tallization. The finest grain size predicted is ASTM 13. There is another region
within the dynamically recrystallized volume, which has a “teardrop” shape in cross-
section. This region has an increased grain size compared to the dynamically recrys-
tallized region. The teardrop region underwent significant strain at a high strain rate.
This resulted in significant adiabatic heating and subsequent grain growth to the
predicted sizes shown. This simulation effort required a series of models to predict
the initial grain growth, dynamic recrystallization, and local grain growth due to
locally high temperatures during the deformation process. These models required a
detailed understanding and control of the forging process parameters and process
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Fig. 4 The high-level framework for the computational modeling workflow for the development
of a new nickel-base superalloy based on mechanistic strengthening elements also present in Alloy
718

Fig. 5 Yield strength versus temperature for a high-strength, fine-grain Alloy 718 material
compared to the measured tensile strength capability of the new nickel-base superalloy developed
through the model guided framework shown in Fig. 4
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Fig. 6 Predicted grain structure for an Alloy 718 forging (contours) along with location-specific
ASTMgrain sizemeasurements (inserted values).Copyright 2000TheMinerals,Metals&Materials
Society. Used with permission.

boundary conditions. The predicted final grain structure is shown to compare very
well with actual metallographic measures.

Thermal Process and Residual Stress Modeling

Thermal treatments of Alloy 718 and derivative components are critical to achieve
desired microstructures, which in turn provides for optimal mechanical proper-
ties of final components and products. Models for the heat treatment processes for
Alloy 718, such as solution heat treatment, stabilization, and aging are very mature.
These computational modeling tools provide accurate time–temperature histories
throughout the volume of processed components.

The thermal history during heat treatment can drive the development of dynamic
thermal stresses, thermal strains, and subsequent residual stress in final processed
castings, forgings, or fabrications. Efforts to predict residual stresses in IN718 turbine
disks have been conducted and reported [21]. Figure 7 shows an example prediction
of the bulk residual stress profile for a forged and heat treated superalloy pancake
forging [[16].

Considerable effort has been undertaken to study, model, and validate predic-
tions from linked material, thermal processing, and residual stress evolution models
under a prior USAF sponsored program called the Foundational Engineering Prob-
lems (FEP) program [6, 39]. This prior effort showed that the accurate prediction
of residual stress within Alloy 718 components is possible, but the dynamic mate-
rial properties needed for such predictions, including flow stress and creep rates as
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Fig. 7 Predicted residual hoop stress as a result of heat treat quench, and aging processes

a function of temperature and microstructure are the major sources of uncertainty
in such predictions for Alloy 718. This effort also showed that understanding the
spatial distribution of residual stresses within a component a priori can readily enable
“smart testing” where specific locations can be defined that are most useful in vali-
dating the overall magnitude of residual stresses throughout the entire part volume.
This model-enabled “smart testing” approach can provide for greater process and
component knowledge, a quantitative reduction in residual stress uncertainty, and a
reduction in the overall cost of quality testing. Figure 8 shows an example residual
stress prediction contour with specific locations defined that will provide the most
beneficial results from physical testing.

Learning from this prior program and other related efforts are being applied to
other processes that produce thermally-induced residual stresses. Related efforts
to model and predict local plastic strain from peening, burnishing, and cold
expansion/compression methods are also demonstrating capabilities to accurately
predict near-surface and local bulk residual stress development in final components.
Machining processes can also provide for local surface plastic strains which can
produce both tensile or compressive residual stresses, which drives the need for tight
control of finish machining operations for Alloy 718 and derivative components [2].

Casting and Solidification Modeling

There has been significant progress and utilization of solidification modeling and
simulation for casting processes. Virtual casting initiative activities have been “path-
finder’ examples on how components and casting processes can be designed and
optimized to produce highly capable, high-yield, high performance manufacturing
processes and cast products [1]. Casting modeling has been and continues to be
applied to Alloy 718 materials and components. Prediction and elimination of
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Fig. 8 Predicted residual stress contour plot for an Alloy 718 forging processed through heat treat-
ment. The marked locations have been identified through simulation and uncertainty quantification
analysis to be the most critical locations for testing

shrinkage porosity is one of the major goals of such modeling. Figure 9 shows
an example of a casting solidification simulation where the sensitivity of casting
parameters is shown to provide information regarding the occurrence of shrinkage
porosity and its associated spatial distribution.

Casting and solidification models of this type are commonly being applied to
casting geometry and process design. Predictive capabilities are such that this is an
invaluable tool in the design of casting processes by enabling “design for manufac-
ture” capabilities. Casting models, like other types of models, can be utilized in a
deterministic or probabilistic framework. The propensity or probability for shrinkage
porosity to occur at a given location within a part volume for a given casting process
and defined range of process controls can be analyzed through Monte Carlo type
analysis methods where knowledge of the range of variations in critical processing
parameters can be utilized to determine the effect of individual or combined param-
eter ranges for a defined manufacturing process. Linking measured distributions of
porosity characteristics with casting simulations that include process parameter vari-
ability can help to more clearly define the critical parameters that are driving the
occurrence and occurrence rates observed in production castings.

Integratingmodeling and data management methodologies enable fusion of simu-
lation information with physically measured data. Superimposing captured porosity
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Fig. 9 Casting solidification
prediction for an Alloy 718
component using a
commercial casting
solidification software
showing hot-spot regions in
locations where there is a
propensity for solidification
shrinkage porosity

occurrence rate, size, and spatial location onto 3D solid models are providing signifi-
cant information about process control and capabilities.Capturing and superimposing
of final part information from computed tomography, radiography, or periodic cross-
sectional cut-up tests in the formof location-specific rates of porosity occurrence onto
the cross-section of predicted part solid models provides for the ability to analyze
probabilistic predictions with operational process statistics to guide identification of
critical sources of combined variation and enhancement of subsequentmanufacturing
process control plans [20].

Data capture and integrationwith processmodeling provides for ameans to further
understand the true capability of specific casting processes for specific component
configurations, and whether the defined stacking-tolerances from the casting process
could provide occurrences of deleterious feature or increased rates of occurrence that
might not be acceptable from an economic or component performance perspective.
Upfront modeling provides an opportunity for optimal design-for-manufacturing,
while the capture and utilization of production data enables further validation and
improvement of the uncertainty ofmodels and process boundary conditions, resulting
in an effective means of capturing knowledge in a re-usable modeling framework.
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Additive Manufacturing Process Modeling

Additivemanufacturing (AM) is becomingan attractive approach toproduce complex
components in a completely disruptive manufacturing process. Recent instantia-
tions of AM processes have focused largely on geometric capabilities and ease of
printing, so machine designers and builders have focused on these attributes. The
issue of understanding and controlling the microstructure evolution andmacroscopic
process defect formation are now largely driving the development, optimization, and
final implementation of this process for actual components. AM is an adaption of
welding processes, where powders, wires, or other feedstocks are melted and added
to a substrate in a layer-by-layer approach, similar to processes like submerged arc
cladding or overlaying method, but with a number of significant differences. In most
AM processes, such as laser powder bed fusion processes or powder feed processes,
a very small, controlled melt pool is created, which is on the order of a couple of
hundred microns in diameter, and which traverses a component surface at one or
two orders of magnitude faster rates as compared to conventional welding processes.
These macroscopic boundary conditions result in unique opportunities and chal-
lenges. The small fusion zone and powder sizes can enable very fine features and
geometry control. The layer-by-layer construct of the process requires significant
control of the “weld bead” at every point of every layer, as any anomaly of a deposit
bead has the ability to propagate into subsequent layers or trap-in a defect feature
that can greatly reduce the mechanical property capability of a final component.

Additive manufacturing is not an inexpensive process but can provide for an
overall most efficient process as compared to other processes for specific compo-
nent applications with complex geometries, difficult to process materials, and crit-
ical mechanical property requirements. These economic constraints often drive AM
toward unique components that require tight control of often “organic” geometries
and with high-levels of mechanical property capabilities, such as low-cycle and
high-cycle fatigue. Figure 10 shows the impact of AM pedigree, and associated
microstructure and geometric feature control on the fatigue capabilities of AMAlloy
718. This shows the very clear need to understand and control the features that can
form during additive manufacturing, and which degrade the mechanical property
capabilities.

Modeling and simulation of AM processes have been extensively worked on for
a range of purposes, including defect prediction, microstructure evolution, residual
stress development, and final component mechanical properties [4, 11, 19]. The
ability to rapidly analyze and predict the formation of build defects in AM compo-
nents is an enabling technology that can provide needed guidance in component
design, process design, process control, and component and process qualification and
certification. An effort has been undertaken to develop an advanced AM modeling
and simulation framework to predict the formation of the main AM processing
defects, including key-hole formation, un-melt-balling, and surface roughness, using
fast-acting, physics-based analytical models [3].
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Fig. 10 Comparison of fatigue curves from Alloy 718 forgings, castings, and various pedigrees of
additive manufactured material. It can be seen that the fatigue capabilities of Alloy 718 significantly
depend on the microstructure, and the size, frequency, and type of build defects within each specific
pedigree of material

The established model is a system of sub-models that consist of physics-based
analytical expressions for heating from the laser, thermal conductivity, and dynamic
thermal profile within the powder bed, melt pool formation, thermal profile within
the melt pool, melt pool shape, key-hole formation, and fluid flow within the melt
pool via Marangoni flow. The model contains many critical parameters ranging from
the thermophysical properties of the powder material, size and shape of the powder,
powder bed density, part geometry and build orientation, and defined or parametric
ranges of laser power and scan speed as a function of volumetric location, to list a
few.

This simulation process enables predicting the potential of each defect to form
as a function of the local processing boundary conditions and processing path and
history. It is well known that two parameters that impact defect formation potential
are laser energy and laser traverse speed. Many have developed processing maps
based on physical trials to describe the parameter space where each defect feature
will form. Though this has been demonstrated by physical trials, these maps do not
take all of the required processing information into account to assess defect formation
potential. Empirically derived processing maps are often thought of as a single map
description for a givenmaterial, which is a gross over simplification. AMdefects, like
those that can form in welding or casting, are holistically path-dependent and depend
on a range of parameters and boundary conditions. Conductivity of powder beds and
temperature of the substrate and powder bed layer at the time of laser processing are
also major boundary conditions that are often overlooked or considered as secondary
issues.

The developed AMmodeling tools can provide for a dynamic prediction of “pro-
cessing maps” in multi-dimensional parameter space as a function of build sequence.
As the build process starts and progresses to produce the entire part, the processing
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Fig. 11 Process maps for Alloy 718 for the processing parameters of laser power and scanning
speed with all other processing parameters held constant. Measured validation points are shown in
(a), while the uncertainty of the mechanism boundaries is shown in both (a) and (b) as a function
of known secondary parameter control uncertainty

boundary conditions change, which shift the boundaries within “processing maps”
that separate stable and unstable regions. The distribution of processing boundary
conditions can also be included in such analysis efforts to enable the treatment of the
process parameter boundaries to all of the probability of defect formation. Figure 11
shows an example predicted Alloy 718 processingmap for a set of processing param-
eters, along with measured values. Incorporation of uncertainty in process boundary
conditions also provides for a means to include uncertainty in the boundaries within
the processing map.

Computational efficiency is of critical importance when developing modeling and
simulation tools. The current model provides for extremely fast calculations that can
provide input to designs for the optimization of processing paths for any arbitrary
geometry. Simulation of components can be completed in seconds as compared to
weeks for other modeling approaches. This modeling approach enables true design
for manufacture and highlights the need for laser control andmonitoring capabilities.
Figure 12 shows an example of a series of Alloy 718 coupons that was modeled
through the developed AM modeling and simulation framework. The predictions
Fig. 12a show that the propensity to form defects as a function of build volume
location can change for a constant set of build path parameters, such as those that
might be provided as default machine settings for a specific build location type. As
builds evolve, the thermal conditions change,which shift the boundaries in processing
space where stable, defect-free material can be produced.

Figure 12b shows example of μ-CT images and physical cross-section metallog-
raphy data for three different controlled build path parameters. These comparisons
show that the established modeling framework can accurately predict various types
of defects and spatial distributions for a wide range of processing conditions.

Complex real-world component can be analyzed, and defects can be predicted
within the 3D volume for any set of build parameters. This computational tool allows
engineers to manually or with automated algorithms optimize the build parameters
on a build schedule and location-specific basis. Figure 13 shows the capability to
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Fig. 12 Prediction of additivemanufacturing defect formationwithin a 3Dcross-section of anAlloy
718 coupon (a), and a comparison of defect structure within predicted and physically characterized
test bars (b)

predict volumetric defect formation, surface defect formation and associated surface
roughness as definedbydepth of surface connectedporosity for a complex component
configuration.

This type of efficient modeling and simulation tool does provide a means to
develop optimal manufacturing processes, assessment of post-build inadvertent vari-
ations, and could potentially be used for adaptive closed-loop control systems that
incorporate process sensor data and provide for any required process parameter
adjustments to ensure the build zone is kept within the most stable, defect-free condi-
tions. Additionally, the ability to predict the probability of forming defects alongwith
local microstructure can enable the prediction of location-specific mechanical prop-
erties, similar to the capabilities for parts produced by othermanufacturing processes.
This combined modeling capability can directly support the mechanical design and
structural analysis of components during design and qualification processes.

Fig. 13 Example of an Alloy 718 component that was analyzed for AM process defect formation
and subsequent optimization, where a shows an input component STL file geometry, b prediction
of 3D defect formation by location, c predicted surface roughness as a function of location, and d
the final realized optimized AM component
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Model-Based Material Definitions and Model-Enabled
Qualification and Certification

Local microstructure (e.g., grain size and precipitate type, quantity, and size distribu-
tions) can be utilized to predict location-specific mechanical properties throughout a
component, whether manufactured by forging and heat treating, casting, fabrication,
or additive manufacturing. Figure 14 shows an example of an Alloy 718 forging
showing contours of local mechanical properties. It can be seen that the properties
throughout the volume of this forging are not constant and vary due to mechanistic
reasons, such as thermo-mechanical processing history and grain size evolution,
and specific cooling paths that impact the precipitation kinetics and final precipitate
structure locally.

With this understanding of location-specific microstructure and property evolu-
tion, it is understandable that resultant test data will vary throughout the cross-section
of this component. This example illustrates the issuewith current staticmaterial spec-
ifications that provide single minimum property values. Within the current construct
of material specifications, e.g., AMS5662, a minimum property value is given that is
aimed at representing all material that is defined by the specification. The minimum
property value for traditional static specifications is defined as the -2, or -3 sigma
value from a population of tested samples. If these samples are taken from a part
with a wide variation in microstructure due to large local strain and/or cooling rate
histories, then a wide distribution of properties will be observed. The treatment of the
resultant physically tested samples assumes the properties should be the same and
are analyzed as a single continuous distribution of properties with scatter due to the
material’s inherent capabilities. The−2, or−3 sigma deviation values are utilized to
capture the “natural” variation of this alloy and to provide a simple means to define
the minimum property that can be achieved when this specification is applied to a
design and structural analysis. As can be seen from the model example in Fig. 14,
scatter in measured properties is not an alloy inherent feature, but rather a combined
alloy and processing-path variation. Model-based material definitions (method of
using a series of microstructure and property models) along with processing path
simulation and prediction can provide for enhanced understanding of the true capa-
bility of a material and manufactured component on a location-specific basis [10].

Fig. 14 Predicted mechanical property contours and physical test specimen layout plan
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This approach is being applied to many new materials and processes, as workflow-
based applications of model-based definitions are being understood and accepted
across engineering, manufacturing, and quality disciplines.

Materials data analytics are rapidly blending with previous physics-based or
phenomenological modeling approaches. Microstructure is an unquestionable crit-
ical feature of all engineered materials and components. The ability to characterize
microstructures is rapidly changing with the maturation and increased availability
of new methods, such as μ-CT and EBSD (electron backscatter diffraction) pattern
imaging. Figure 15 shows an example of a complex AM Alloy 718 microstruc-
ture using EBSD imaging and analysis methods. This enhanced imaging capability
provides for large quantity of digital data that can be analyzed to show recrystallized
and un-recrystallized grain structure and the variations of crystallographic misori-
entation within and between grains to enable quantification of retained strain and
texture respectively.

Machine learning (ML) and other artificial intelligence methods are being used
to analyze and establish models from large datasets, such as microstructures [26].
ML tools have been utilized effectively to classify microstructure through principal
components analysis (PCA) as shown in Fig. 17. Such analysis efforts are like
established human facial recognition tools and can be used to separate and clas-
sify very complex microstructures such as that seen in Fig. 16. PCA methods have
been applied to a wide range of materials, such as titanium and nickel-base super-
alloys to help guide investigation and understanding of complex microstructures.

Fig. 15 EBSD image of an additively manufactured Alloy 718 sample (a), and subsequent analysis
of grain and sub-grain misorientation angles (b)
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Complex microstructures are very difficult or impossible for humans to assess and
subjectively determine differences between samples or to photographic standards.
ML models can provide more objective means of characterizing the microstructure
for both alloy development and component quality control.

Digital characterization of microstructure can also enable objective, statistical
representations that can be further used to model and simulate probabilistic mechan-
ical property capabilities of a material. Statistically equivalent representative volume
elements (SERVEs) are a new computational tool that defines the statistics of the
microstructure and associated minimum length scale that can be used to define
specific mechanical properties for a specific material [14, 37] Fig. 17 shows an
example assemblage of microstructures that have been used to establish a SERVE
for a nickel-base superalloy.

The approach of using SERVE definition of microstructure for a given material
and component allows for assessing the potential range of microstructures possible
that meet the statistics of the SERVE. ML models and computational tools such as

Fig. 16 PCA analysis examples for several trained models for a range of alloy microstructures[27].

Fig. 17 A series of EBSD images used to generate the microstructure statistics for a nickel-base
superalloy (a), and generate a statistically equivalent representative volume element (b)
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Fig. 18 Crystal-plasticity based model prediction of fatigue properties for Alloy 720 compared
with measured data. The model well predicts the observed scatter of the measured values. It is also
of interest to note the range of virtual test specimens that were predicted as compared to the limited
number of actual physical specimens, owing to the speed and cost effectiveness of virtual material
property testing and evaluation. Courtesy of Prof. M. Sangid, Purdue University

Dream3D allow for creation of artificial microstructures over the entire spectrum
of the statistically defined microstructure. This provides for the ability to create
the microstructures that make up the tales or rare event instantiations. Measuring
and capturing tales or rare events are by definition statistically challenging, but ML
models and data analytics make it possible to assess such structures, which are often
the source ofminimumproperty capabilities. Linking statistically definedmicrostruc-
tures with crystal-plasticity modeling provides for an approach to computationally
predict the distribution of mechanical properties for a material. This approach has
been applied to full-scale component predictions [12, 13], as well as for the assess-
ment, augmentation [33], or complete development of traditionalminimumcapability
design curves. Figure 18 is an example of crystal-plasticity based fatigue design curve
compared with measured properties for Alloy 720 [33].

Conclusions

The development and application of computational models for Alloy 718 and
derivatives have been successfully applied to define the thermodynamic and kinetic
behavior of these materials. Process models of various types have also been created
and utilized to accurately predict the evolution of microstructure and mechan-
ical properties of components on a path-dependent, location-specific basis. New
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alloys and manufacturing processes are being developed and optimized through
model-guided engineering methods.

The challenge and opportunity for the continued utilization of computational
materials and process models is the development of model-based definitions that can
provide the needed path-dependent predictive capability for material and process
design, and qualification and certification. Model-based definitions are continuing to
mature. They are comprised of formalized workflows that provide for the prediction
of location-specific processing paths, associatedmicrostructure evolution, and corre-
sponding local mechanical properties. Minimum property design curves, though still
readily used, are starting to give way tomodel-basedmaterial definitions that provide
for more exacting description of properties throughout the volume of a component.

Statistical material science and engineering is a major element of the evolution
of model-based material definitions, where predicted variations in chemistry and
microstructure inform property prediction models which in turn provide predictions
of the range of variation of mechanical properties on a spatial or location-specific
basis.

Complex processes, such as additive manufacturing, must be analyzed and
controlled relative to location-specific, path-dependent processing parameters. This
capability has been shown and utilized in other, more mature processes, such as
forging and casting, but is vital for rapid process development, qualification, and
certification of additive manufactured components.

The future is bright for computational material and process modeling, as tools are
developed, and workflows merged with those of other engineering, manufacturing,
and quality disciplines.

References

1. Allison J, Li M, Wolverton C, and Su XM (2006) “Virtual Aluminum Castings: An Industrial
Application of ICME”, JOM, Vol. 58, No.11, 2006, pp. 28–35.

2. Arrazola PJ, Kortabarria A. Madariaga A, Esnaola JA, Fernandez E, Cappellini C, Ulutan
D, Özel T (2014), “On the machining induced residual stresses in IN718 nickel-based alloy:
Experiments and predictions with finite element simulation”, Simulation Modelling Practice
and Theory 41 (2014) 87–103.

3. Burlatsky SF, Novikov D, Brindley WJ, Furrer D (2017) “System and process for evaluating
and validating additive manufacturing operations”, U.S. Patent 10254730, Feb 24, 2017.

4. Burlatsky S, Sharon J, El-Wardany T, and Furrer D (2019) “Application and Validation of Laser
Powder Bed Fusion (LPBF) Defect Prediction Models to Guide Optimal Process Windows”,
RAPID Conference Presentation, Jan. 7, 2019.

5. Carlson RG, and Radavich J (1989) “Microstructure Characterization of Cast 718”, Proceed-
ings of the Int. Symp. on Metallurgy and Applications of Superalloys 718, 625 and Various
Derivatives, Ed. E.A Loria, June 12–14, 1989, TMS, pp. 70–85.

6. Cernatescu I, Venkatesh V, Glanovsky JL, Landry LH, R. N. Green RN, Gynther D, Furrer
DU (2015) “Residual Stress Measurements for Model Validation As Applied in the United
States Air Force Foundational Engineering Problem Program on ICME of Bulk Residual Stress
in Ni Rotors”, 56th AIAA/ASCE/AHS/ASC Structures, Structural Dynamics, and Materials
Conference, AIAA SciTech Forum, (AIAA 2015–0387), 2015.



344 D. Furrer

7. Furrer D, Groppi G, and Bunge G (2004) “Current and Future Trends in the Manufacture of
Turbine Engine Disks”, ASM Materials Solutions Conference, Oct. 18–21, 2004, Columbus,
OH.

8. Furrer D, Goetz R, and Shen G (2010) “Modeling and Simulation of Alloy 718 Microstructure
and Mechanical Properties”, proceedings of the 7th International Symposium on Superalloy
718 & Derivatives, October 10–13, 2010, Pittsburgh, Pennsylvania, TMS, 2010.

9. Furrer D, Venkatesh V, Zhang F, Gynther D, Asare T, Novikov D, and Burlatsky S (2014)
“Computational Modeling and Simulation of Alloy 718”, 8th International Symposium on
Superalloy 718 and Derivatives, Eds: Ott E, et.al., TMS, 2014. pp. 81–94.

10. Furrer DU, Dimiduk DM, Cotton JD andWard CH (2017) Making the Case for a Model-Based
Definition of Engineering Materials. Integ Mater Manuf Innov, 6:249–263 https://doi.org/10.
1007/s40192-017-0102-7.

11. Furrer D and Burlatsky S (2022) “Model-Assisted Validation and Certification of AM
Components”, AM Bench Conference Presentation, TMS, Aug. 19, 2022, Bethesda, MD.

12. Gopalakrishnan S, Bandyopadhyay R, Sangid MD (2022) “A Framework to Enable
Microstructure-Sensitive Location-Specific Fatigue Life Analysis of Components and Connec-
tivity to the Product Lifecycle”, Int. J. of Fatigue, 165, 2022, 107221, https://doi.org/10.1016/
j.ijfatigue.2022.107211

13. Ghosh S, Dimiduk D, Furrer D (to be published) “Statistically Equivalent Representative
Volume Elements (SERVE) for Material Behavior Analysis and Multiscale Modeling”.

14. Ghosh S, and Venkatesh V (Unpublished Research).
15. Gorbatov OI, Lomaev IL, Gornostyrev YN, Ruban AV, Furrer D, Venkatesh V, Novikov DL,

and Burlatsky SF (2016) “Effect of composition on antiphase boundary energy in Ni3Al based
alloys: Ab initio calculations”, Physical Review B 93, 224106 (2016).

16. Gostic W (2012) “Application of Materials and Process Modeling to the Design, Development
and Sustainment of Advanced Turbine Engines”, Superalloys 2012, Eds. Huron, E, Reed RC,
Hardy MC, Mills MJ, Montero RE, Portella PD, Telesman J, TMS, 2012, pp. 3–12.

17. Jou H-J, Vorhees P, Olson GB (2004) “Computer Simulation for the Prediction of Microstruc-
ture/Property Variation in Aeroturbine Disks”, Superalloys 2004, Eds. Green KA, Pollock TM,
Harada H, Howson TE, Reed RC, Schirra JJ, Walston S (TMS), pp 877–886.

18. KaplanMA,LiuX, and FurrerDU (2020) “Composition andmethod for enhanced precipitation
hardened superalloys”, U.S. patent: US10793934B2.

19. Khairallah SA, Martin AA, Lee JRI, Guss G, Calta NP, Hammons JA, Nielsen MH, Chaput
K, Schwalbach E, Shah MN, Chapman MG, Willey TM, Rubenchik AM, Anderson AT, Wang
YM, Matthews MJ, King WE (2020) “Controlling Independent Meso-Nanosecond Dynamics
and Defect Generation in Metal 3D Printing”, Science, Vol 368, Issue 6491, May 2020.

20. Kopper, A., Karkare, R., Paffenroth, R.C. and Apelian D (2020) “Model Selection and Evalua-
tion for Machine Learning: Deep Learning in Materials Processing”, Integrating Materials and
Manufacturing Innovation, volume 9, 287–300 (2020). https://doi.org/10.1007/s40192-020-
00185-1.

21. Krempaszky C,Werner EA, Stockinger M (2005), “Residual stresses in IN718 Turbine Disks”,
Superalloys 718, 625, 706 and Derivatives 2005, Ed. Loria EA, TMS 2005, pp. 527–538.

22. Liu X, Furrer DU, Kosters J, and Holmes J (2018) Vision 2040: A Roadmap for Integrated,
Multiscale Modeling and Simulation of Materials and Systems. NASA/CR-2018-219771, E-
19477, GRC-E-DAA-TN52454.

23. McDowell D, and Backman D (2010) “Simulation-Assisted Design and Accelerated Insertion
of Materials”, Computational Methods for Microstructure-Property Relationships, Springer,
2010, pp 617–647.

24. Mosser PE, Leconte G, Leray J, Lasalmonie A, and Honnorat Y (1989) “Metallurgical Aspects
of ForgeModeling inAlloy 718”, Proceedings of the Int. Symp. onMetallurgy andApplications
of Superalloys 718, 625 and Various Derivatives, Ed. E.A Loria, June 12–14, 1989, TMS,
pp. 179–188.

25. National Research Council (2008) “Integrated Computational Materials Engineering: A Trans-
formationalDiscipline for ImprovedCompetitiveness andNational Security”,Washington,DC:
The National Academies Press. https://doi.org/10.17226/12199.

https://doi.org/10.1007/s40192-017-0102-7
https://doi.org/10.1016/j.ijfatigue.2022.107211
https://doi.org/10.1007/s40192-020-00185-1
https://doi.org/10.17226/12199


Application of Computational Materials and Process Modeling … 345

26. NoraasR, SomanathN,GieringM, andOshinO (2020a) “StructuralMaterial PropertyTailoring
of Dual Phase Titanium Alloy Microstructures Using Deep Neural Networks”, AIAA Scitech
2020 Forum, 6-10 January 2020, Orlando, FL. https://doi.org/10.2514/6.2020-1151.

27. Noraas R, VenkateshV, Rettberg L, SomanathN,OshinO andGieringM (2020b) “Recognition
and Quantification of Dual Phase Titanium AlloyMicrostructures Using Convolutional Neural
Networks”, The 14thWorldConference onTitanium,MATECWeb ofConferences 321, 11084.
https://doi.org/10.1051/matecconf/202032111084.

28. Olson GB (1997) Computational Design of Hierarchically Structured Materials. Science
277:1237–1242.

29. Olson (2000) “Materials by Design”, Science, 12 May 2000, Vol 288, Issue 5468, p. 995.
https://doi.org/10.1126/science.288.5468.995.

30. Oradei-Basile A and Radavich J (1991) “A Current T-T-T Diagram for Wrought Alloy 718”,
Proceedings of the Int. Symp. on Metallurgy and Applications of Superalloys 718, 625 and
Various Derivatives, Ed. E.A Loria, June 23–26, 1991, TMS, pp. 325–335.

31. Parthasarathy TA, Rao SI, and Dimiduk D (2004) “A Fast Spreadsheet Model for the Yield
Strength of Superalloys”, Superalloys 2004, TMS (TheMinerals, Metals &Materials Society),
2004, pp. 887–896.

32. Radavich, J (1989) “The Physical Metallurgy of Cast andWrought Alloy 718”, Proceedings of
the Int. Symp. onMetallurgy andApplications of Superalloys 718, 625 andVariousDerivatives,
Ed. E.A Loria, June 12–14, 1989, TMS, pp. 229–240.

33. Sangid MD, Maier HJ and Sehitoglu H (2011) “An energy-based microstructure model
to account for fatigue scatter in polycrystals”, Journal of the Mechanics and Physics of
Solids,https://doi.org/10.1016/j.jmps.2010.12.014

34. Shen G, Rollins J, and Furrer D (1996) “Microstructure Modeling of ForgedWaspaloy Discs”,
Superalloys 1996, Eds. Kissinger RD, Deye DJ, Anton DL, Cetel AD, Nathal MV, Pollock
TM, and Woodford DA, TMS, 1996, pp. 613–626.

35. Shen G (2000) “Microstructure Modeling of Forged Components of Ingot Metallurgy Nickel
Based Superalloys”, Advanced Technologies for Superalloy Affordability, Eds. Chang K-M,
Srivastava SK, Furrer DU and Bain KR, TMS, 2000, pp 223–231.

36. Shen G, Kahlke D, Denkenberger R and Furrer D (2001) “Advances in the State-of-the-Art of
Hammer Forged Alloy 718 Aerospace Components”, Superalloys 718, 625, 706 and Various
Derivatives, ed. E.A. Loria, TMS, 2001, 237–247.

37. Swaminathan S, Ghosh S (2006) Statistically equivalent representative volume elements for
composite microstructures, Part I: With interfacial debonding. J Comp Mater 40(7):605–621.

38. Tang YT, Panwisawas C, Ghoussoub JN, Gang Y, Clark JWG, Nemeth AAN, McCartney DG,
Reed RC (2021) “Alloys-by-design: Application to new superalloys for additive manufactur-
ing”, Acta Materialia, Volume 202, 1 January 2021, Pages 417–436.

39. Venkatesh V, Green R, O’Connell J, Cernatescu I, Goetz R, Wong, T, Streich B, Saraf V,
Glavicic M, Slavik D, Sampath R, Sharp A. Song B, Bocchini P (2018) “An ICME Framework
for Incorporating Bulk Residual Stresses in Rotor Component Design” Integrating Materials
and Manufacturing Innovation, Springer, https://doi.org/10.1007/s40192-018-0119-6, 2018.

https://doi.org/10.2514/6.2020-1151
https://doi.org/10.1051/matecconf/202032111084
https://doi.org/10.1126/science.288.5468.995
https://doi.org/10.1016/j.jmps.2010.12.014
https://doi.org/10.1007/s40192-018-0119-6


Applied Calphad to Cast and Wrought
Successors to IN718: A Physics-Based
Approach with Implications for Phase
Stabilities, Precipitation,
and Microstructural Modeling

Erwin Povoden-Karadeniz and Nicolas Garcia Arango

Abstract This comparative computational study of Applied Calphad aims at the
simulative analysis of mechanical properties and microstructures of recent C&W
IN718 successors with a similar application at elevated temperatures.

Predictions are presented for candidates AD-730, and M647. Moreover,
Rene88DT and derivatives GH4096, as well as Co-free EXP-G27, which, due to a
newC&W technology involving electro-slag remelting continuous directional solidi-
fication [1], enter the list of promisingC&Wcandidates, are researched. The different
alloying concepts are presented, and their influence on microstructures during
thermal processing is shown. Using the assessed MatCalc [2] multi-component
Calphad thermodynamics and diffusion mobilities databases “mc_ni” (thermody-
namic databases for fcc γ and γ′, aswell as the diffusionmobilities database used here
are added at the end of this paper) for Ni-base superalloys within the system Ni–Fe–
Al–Ti–Co–Cr–Mo–Nb–W, phase stabilities of Ni3Al-based strengthening precipi-
tates, affected by different alloying contributions, are presented. The evaluated solu-
bility behaviour of elements, and the thermodynamic dissolution behaviour of second
phases in the Ni-fcc matrix are discussed. By Scheil-Gulliver simulations of as-cast
microstructures, segregation trends during casting are described. The kinetic phase
evolutions during supersolvus heat treatment conditions are evaluated with nucle-
ation and growth modeling by using MatCalc (version 6.04 rel0.127), predicting
particle distributions, sizes, and densities.

We show that fully predictive, computational strengthening trends, employing
simple Applied Calphad and computational thermokinetics of precipitation,
combined with strengthening models for solid solution strengthening and order
strengthening forγ′, are a valuable tool for decisions on appropriate thermal operation
conditions of IN718 successors.
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Introduction—Applied Calphad

The core of Calphad is constituted by

(1) physically appropriate phase descriptions, including crystallographic structure,
stoichiometry, and stability range of a phase, coupled with the thermodynamic
state variables that define the temperature- and composition-dependent molar
Gibbs energy of a phase,

(2) the optimization of model parameters taking into account selective,
weighted/assessed input data from all available experimental data that are
directly or indirectly connected to the model, i.e. thermodynamic properties
and phase diagram data,

(3) the extension from low-order systems to high-order systems, with (optional)
non-ideal mixing added to the purely mechanical combinatorial base of all low-
order descriptions. In the case of quaternary and higher-order phases that occur,
their individual thermodynamic description is indeed further required.

One key towards Applied Calphad for multi-component and multi-phase alloys
is an iterative validation process of (1) and (2), which results in the refinement of (3)
and the associated improvement of the Calphad-based modeling application, such
as the prediction of thermokinetic phase evolution, precipitation strengthening, and
recrystallisation.

While conventional thermodynamics tend to remain in a thermodynamic equi-
librium consideration, allowing predictions on phase stabilities typically after suffi-
ciently long annealing times, there is a scientific and technological demand on the
understanding of transient states in terms of the evolving phases and microstruc-
tures in a system, often consisting of multi-component, multi-phase assemblies. For
this applied computation case, nucleation and growth and inevitably their rates—
time dependence—need consideration. In this context, the simplest way to start, in
a mean-field modeling of kinetics, is to implement diffusion mobilities, nucleation
theory, and growth kinetics with interfacial energies between an alloy matrix and
an evolving second phase as a function of temperature and time described by the
broken bond approach. In fact, such amodeling setup does not take into account local
microstructural effects, such as dislocation dynamics, stacking faults, and deforma-
tion twinning, which represent just a few examples of the microstructural entities
during real processing of Ni-base superalloys. Nevertheless, in this study, we show
how the simplified approach of basic Applied Calphad [3] can be used to predict
precipitation trends, and even trends of mechanical properties in different promising
candidates acting as successor C&W developments to conventional IN718.

Studied Material

We split our study into two sections—Computations with materials where exper-
imental data on precipitation are available—these are the alloys Rene88DT and
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Table 1 Compositions of different IN718 successors

Cr Co W Mo Ti Al Fe Nb C B Zr Ni

Rene88DT 16 13 4 4 3.7 2.1 – 0.7 0.03 0.015 – bal

GH4096 16 13 4 4 3.8 2.2 – 0.7 0.05 0.015 0.05 bal

AD-730 16 8.5 2.7 3 3.5 2.3 4 1.1 0.015 0.01 0.03 bal

M647 16 20 4 2.5 1.8 3.3 1 2.7 – 0.015 0.03 bal

EXP-G27 15 – – 4 1.8 2 15.3 3.7 0.03 0.005 0.03 bal

GH4096—and fully predictive computations for those alloys where no experimental
precipitation data are available. We selected AD-730, M647, and EXP-G27 for this
purpose. The nominal compositions of studied alloys are presented in Table 1 (wt.%).

In part, quite different metallurgical strategies are evident between these superal-
loys.WhileRene88DTandGH4096 represent the case of relatively balanced alloying
of Cr and Co, as well as W, Mo, and Ti, with a bit less Al, in AD-730 considerably
less Co is used, and instead Nb alloying is a bit increased. Its Fe amount is signif-
icant. AD-730 thus seems to represent a somewhat cheaper C&W opportunity—in
the context of reduced alloying complexity and cost savings—with lack of both Co
and W in the nominal composition, but considerable Fe concentration, and signif-
icantly increased Nb (which can mentionably represent an economic and political
issue of its availability). The Co-free EXP-G27 variant is of particular interest due
to its applicability in nuclear radiation settings, as well as the strong cost saving and
humanity in the raw materials supply.

Here, we do not consider the minor elements wit italic letters in Table 1, C, B,
and Zr.

Modeling

Computational Thermodynamics

Development of mc_ni Multi-component Database for Applications
in Cast and Wrought Ni-Base Superalloy

Our multi-component Ni-base system of interest is Ni–Cr–Co–W–Mo–Ti–Al–Nb–
Fe, a nonary system, which thus seems to be awfully complex, when setting up the
appropriateCalphaddatabase “mc_ni” (mc stands forMatCalc) for equilibriumphase
stability computations. However, Calphad multi-component databases are simply
based on themerging of ternary subsystems (an exception representing systemswith a
genuine quarternary phase), which strongly reduces the requiredmodel parameters of
intermetallic compounds and alloying elements’ interactions within the alloy matrix
fcc (face-centered cubic) phase. Moreover, in particular for ternary combinations
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with the minor alloying elements W, Mo, Ti, Al, Fe, and particularly Nb, just Ni-
containing binaries and ternaries are relevant. Unary descriptions are adopted from
compiledSGTE (ScientificGroupThermodataEurope) data byDinsdale 1991. These
considerations/reliable simplifications lead to a reduction of the overall huge number
of subsystems by recombinations to a manageable number of required Calphad sub-
assessments of 35. These are listed in Table 2.

The most important strengthening phases in Ni-base superalloys, Ni3Al-based γ′,
and Ni3Nb-based γ′′ (in the IN718 reference alloy) show chemical ordering, which in
a physically correct modeling needs special attention, introducing ordering param-
eters in a “split model” (energetics of an fcc-phase with ordered site occupancies
of substitutional elements among different sublattices is in each calculation step
compared with the energetics of a disordered fcc-phase with random occupancies,
and the same model applies for both) for chemically ordered phases. However, this
modeling is only relevant when particular substitutions within the crystal lattices of
the respective phases are studied and their effects within the framework of Ni-base
processing and Ni-base properties are clear, which is not the focus of this study,
and is open for discussion. This led us to the decision about another simplifica-
tion in the database—we simplify the modeling of γ′ and γ′′; instead of ordering
parameters and phase descriptions which allow for the disordered/ordered compar-
ison described above, we view γ′ and γ′′ as simple intermetallic solid solution phases
with their individual models that are different than the model of the fcc-alloy phase.
Our modeling leads to almost the same molar Gibbs energies and chemical poten-
tials as for the computations with split modeling. Moreover, when the computational
costs are lower, the numerical stability is higher for the solid solution model used in
Applied Calphad than for the split model.

Table 2 Assessed subsystems for mc_ni

NiCr NiCo NiW NiMo NiTi NiAl NiFe

NiCoCr NiCoW NiCoMo NiCoTi NiCoAl NiCoFe NiCoNb

NiCrW NiCrMo NiCrTi NiCrAl NiCrFe NiCrNb

NiWMo NiWTi NiWAl NiWFe NiWNb

NiMoTi NiMoAl NiMoFe NiMoNb

NiTiAl NiTiFe NiTiNb

NiAlFe NiAlNb

NiFeNb
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What Do We Learn from Computational Equilibrium Thermodynamics
Using mc_ni—Implications on Solvi, Subsolvus, and Supersolvus
Solution Treatment, and Phase Fractions Trends as a Function
of Temperature

Understanding of equilibrium phase stabilities and metastabilities (γ′′!) is an impor-
tant prerequisite at the beginning of any alloy design. In the simple case of a second
intermetallic phase occurring in an alloy matrix, phase fraction plots as a function
of temperature tell the researcher the temperature region of steady volume fractions
of the intermetallic phase (i.e. the maximum plateau of the respective phase frac-
tion), in the first approximation representing the growth region of a precipitate. In the
temperature region of descending phase fraction curve, a phase may start to coarsen
as a function of time, and above its solvus temperature the phase dissolves within the
matrix. While in the case of strengthening γ′ and γ′′ the temperature region above the
solvus temperature leads to rapid material degradation in operation due to a drop of
yield strength, the information of solvus temperature is during processing highly rele-
vant for the knowledge of single-phase fcc-Ni, which represents the starting (solution
treatment) of any design of a superalloy with typically homogeneously distributed
nano-particles in the matrix by quenching and aging. The highest temperature limit
of solution treatment is typically formed by the solidus temperature, where incipient
melting of the material is observed. When a heterogeneous phase such as Ni3Nb-
Delta at grain boundaries is observed, the question arises whether it may be beneficial
to maintain a “solution” temperature or intermediate heat treatment step before the
main aging right below the delta-solvus. Even a subsolvus treatment concerning
γ′ is possible. This can lead to larger particles pinning grain boundaries and thus
influencing recrystallisation and controlling grain growth, at the cost of less super-
saturation for subsequently forming smaller precipitates in the scope of further heat
treatment.

Microsegregation at Casting—Relevance for Homogenisation
Issues—The Role of Proper Matrix Phase Thermodynamics
in the Liquid and Solid States

Thermodynamically, microsegregation occurring during casting in accordance to
Gulliver (1913) and Scheil 1942 [4] assumes that no diffusion takes place in the
solid and that solute redistribution in the liquid is infinitely fast. The corresponding
differential Eq. (1) and its analytical solution (2) read

(CL − SL)d fs = (1 − fs)dCL , (1)

and
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Cs = kC0(1 − fs)
k−1. (2)

Concentrations in (1) and (2) are related solely to thermodynamics, in particular the
chemical potentials in the liquid and the solid.When these are correct, the description
of microsegregation by the Scheil-Gulliver approach will be internally consistent.

Thermokinetic Modeling and Simulation

Computational Method

Thermokinetic modeling of precipitation involves the transient nucleation rate, J, [5]

J = N0Zβexp

(−G ′

kBT

)
exp

(−τ

t

)
(3)

where N0 is the number of potential nucleation sites, Z is the Zeldovich factor, β is
the atomic attachment rate, G´ is the critical nucleation energy, kB is the Boltzmann
constant, τ is the incubation time, t is time, and T is temperature. The critical nucle-
ation energy, G´ , strongly determines J. It is commonly derived from the extremum
value of the nucleation energy

�GCNT
nucl = 4

3
πρ3�Gvol + 4πρ2�Gint f , (4)

where �GCNT
nucl is the CNT free energy of nucleus formation.

In developing the Generalized Broken Bond (GBB) model, Sonderegger and
Kozeschnik [6] utilize the direct relation between the specific interface energy and
the solution enthalpy, �Hsol. In their treatment of the planar, sharp interface energy,
γ 0, this quantity is written as

γ0 = nS�zS,e f f

N�zL ,e f f
��Hsol , (5)

where nS is the number of atoms on unit interfacial area and N is the Avogadro
number. The quantities zS,eff and zL,eff are the effective number of broken bonds across
the interface and the effective coordination number, respectively. The structural
factor, zS,e f f /zL ,e f f , is obtained, after averaging over several interfacial directions,
with approximately 0.329 for fcc crystal structure and 0.328 for bcc.

In follow-upwork, the same authors investigate the impact of interfacial curvature
[7] and temperature [8] on the effective interface energy, γ , of a small precipitate
(nucleus), with the result that
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γ = α(ρ)�β(T )�γ0(T, Xi ), (6)

where the functions α(ρ) and β(T ) are given as

α(ρ) = 1 − 20

11
· rc

ρ
+

(
45

44
− 1

22
ln2

)
·
(
rc
ρ

)2

+ 1

2
· ln

(
ρ

rc

)
·
(
rc
ρ

)2

(7)

with rc = 0.3 · r1, r1 being the nearest neighbor atomic distance, and

β(T ) ≈ 8.4729 ·
(
T

Tc

)6

− 26.691 ·
(
T

Tc

)5

+ 32.717 ·
(
T

Tc

)4

− 17.674 ·
(
T

Tc

)3

+ 2.2673 ·
(
T

Tc

)2

− 0.09 ·
(
T

Tc

)
+ 1.000476320. (8)

Combining particle growth kinetics by the SFFK (Svoboda-Fischer-Fratzl-
Kozeschnik) [9, 10] with CNT including modeling of interfacial energy, in a
Kampmann-Wagner framework of numerical simulation (thermodynamic equilib-
rium is calculated with MatCalc for each time step and in a “phase loop” the
precipitation behaviour of all phases is examined), the precipitation kinetics without
further calibration in the simulation setup is in essence predictive, and the predictive
power strongly depends on the quality of the thermodynamic and diffusion mobili-
ties databases used. Here, we test the feasibility of predictive trends from alloy cases
with validated precipitation.

Previous Findings—Udimet 720 LI as Example
for the Appearance of Tertiary γ ′—Their Explanation
by Simple Thermodynamic and Diffusion Considerations

Radis et al. [11] have described the underlying mechanism of well-known bimodal
to multimodal γ′ distribution, which occurs during heat treatment of many Ni-base
superalloys and for various heat treatments, based on their findings in Udimet 720 LI.
When cooling the material below the γ′ solvus temperature, the difference of volume
free energy between matrix and precipitate increases, until the critical nucleation
barrier is overcome, and relatively large nuclei start to form at a relatively low nucle-
ation rate close to the thermodynamic γ′ solvus temperature. Within the diffusion
field of the growing particle, diffusional transport of particle-forming elements from
the matrix, due to the element diffusion mobilities as a function of cooling rate, takes
place. Eventually, in the regions of the depleted matrix, nucleation stops. At further
cooling, the diffusion fields continuously shrink, and in the remaining zones that are
no longer affected by the diffusional element transport to the first growing particles,
supersaturation increases rapidly, leading to a second wave of precipitation. This
scenario means that bi- to multimodal precipitation is governed by thermodynamics
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and their descriptions of the matrix phase and the precipitate, as well as diffusion
mobilities, and database quality is responsible for the soundness of simulated particle
distributions in respective Ni-base superalloys. Over decades, the role of tertiary γ′
for strengthening stood for debate. The precipitate distribution has in fact impor-
tant consequences on material properties, including yield strength, and it has been
very recently proposed by Zhang et al. [12] that yield strength and ultimate strength
clearly increase by several hundreds ofMPa when the average particle size decreases
by an order of magnitude. This eventually indicates that the appropriate thermody-
namic Calphad Ni-base and diffusion mobilities have some direct consequence on
the strengthening behavior.

Mechanical Modeling

For the modeling of strengthening in Ni-base superalloys, the comprehensive work
by Ahmadi et al. [13] is implemented in MatCalc, which allows for the evaluation of
different contributions to the yield strength, such as order strengthening (which takes
into account the antiphase boundary energy created by the shearing of a γ′ particle
by a dislocation pair) and solid solution strengthening, in its classical formulation
[14].

Results and Discussion

Computational Thermodynamics

Temperature-Dependent Phase Fractions

It should be noted that one of the authors of this paper is the developer of all MatCalc
databases, its beginning dating back into the year 2009. In the following, we postulate
the acceptable quality of mc_ni, since the assessment of it goes beyond the frame
of this contribution. An extensive comparison of thermodynamic computations and
comparisons among different databases can be found elsewhere [15]. Figure 1 shows
that computed equilibrium solvus temperatures for γ′ match experimental values and
vary well for more than 50 tested superalloys.

As noted above, a comparison between the equilibrium phase fractions—temper-
ature computations for the studied materials—is giving first indications on the
expected differences of suitable process heat treatment conditions and operation
temperatures (different solvus temperatures and T-dependent phase fraction evolu-
tion of γ′ in the different studied materials). These are plotted in the figure series 2
(a) to (f). Carbon, boron, and Zr are neglected in the computations.
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Fig. 1 γ′ solvi, experimentally versus simulated. Each data point represents a specific Ni-base
superalloy. More than 60 of them are arranged as function of increasing solvus temperature. The
solid connection lines between data points are just guides to the eye

The computed thermodynamic equilibrium phases in Rene88DT (Fig. 2a)
comprise, in addition to liquid, γ phase and γ′ also topologically close-packed (TCP)
μ-phase (MU_PHASE) and Ni7Ti-based eta-phase. Eta-phase is however not promi-
nent. It was also reported in Rene88DT in an early experimental study on those
alloys [16]. In the same study, also the appearance of mu-phase after long-term
aging was reported. The thermodynamic equilibrium phase fraction of the mu-phase
is thus reasonable, but in the alloy processing the phase will not appear. The situation
changes at elevated temperatures during operation, where topologically close-packed
structures, mu-phase, and (minor amounts of) P-phase may evolve. This may indeed
indicate a critical aspect to be considered for the application of the alloy. Long-time
creep testing is needed for further discussion. Minor amounts of Cr-rich bcc-phase
at low temperatures do likely not play an important role in both the strengthening or
embrittlement of the material.

While AD-730 (Fig. 2b) reveals a very similar solvus temperature of γ′ as
Rene88DT, lying at around 1100 °C, this material seems to be a little less prone
to μ-phase formation than Rene88DT (13 mol.% max. phase fraction of μ-phase,
compared to around 16mol.% in Rene88DT), and also to the eta-phase fraction (even
less). With the comparable γ′ solvus of AD-730 with Rene88DT, but less alloying
leading to less tendency for other possibly detrimental phases, less Co, and only a
little higher Nb than Rene88DT, AD-730 is indeed an interesting alternative. In fact,
the questionable role of lower Co for microstructure issues—homogeneity of the
microstructure—is not discussed here.
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Fig. 2 Computed
equilibrium phase fractions
versus temperature,
Rene88DT (a), AD-730 (b),
and M647 (c). Note that
equilibrium phase fractions
of GH4096 are not shown
due to its very small alloying
difference from Rene88DT.
GAMMA_PRIME denotes
the γ′ phase. BCC_A2#01 is
Cr-rich bcc-phase
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The third alloy of the present comparison, μ-phase, is even less; the γ′ solvus
temperature is around 15 °C higher. When one keeps the small eta-phase stability
range around 1000 °C in the process out of consideration, suggested purely by
Calphad computation, this alloy seems to be the most promising one in terms of
its expected strengthening potential, creep performance, and high-temperature limi-
tation of its use. Indeed, the microsegregation behavior due to elevated Nb-content
needs to be discussed, which is the topic of the next section.

Finally, in our phase stabilities comparisons by Calphad equilibrium computa-
tions, we shift to the Ni–Fe alloyed material. Little is known about phase stabilities
of EXP-G27, however, computation indicates that no potential eta-phase “problem”
arises, due to missing Co (which is an eta-phase stabiliser). In terms of the long-term
behavior of the material, one needs to critically observe the appearance and evolution
of Ni–Cr–Mo P-phase (around 10 mol.% max.), as well as μ-phase (complex Cr–
Mo-Ni–Co–W based). Both phases are TCP and are expected to behave similarly,
and there is no indication whether one of them is better in terms of slower growth
or lower embrittlement. The high Nb-alloying is an interesting alloying concept,
since it stabilizes a small amount (max. 4.5 mol%.) of Ni3Nb delta-phase in the
microstructure, which can be indeed used as grain boundary pinner. At the same
time, embrittlement due to uncontrolled growth of delta-phase during operation is
avoided. The γ′ solvus temperature of EXP-G27 lies in the range of M647.

Next, we shortly compare the potential of metastable γ′′ phase formations in test
simulations removing TCP phases and delta-phase. It appears that γ′′ does not form
in any of the studied alloys.

Comparing the phase compositions of fcc-Ni and γ′ phase from the calculation at a
typical application temperature, 800 °C, we obtain information about the partitioning
of different elements in different superalloys, as shown in Table 3.

Partitioning to γ phase is strongest for Cr (or Fe), followed byCo andMo,whereas
partitioning toγ′ is strongest forTi, followedbyNbandAl.W is only slightly enriched
in γ. Due to the strong alloying similarity between Rene88DT and GH4096, the
partitioning of these two alloys is also almost the same.

Interestingly, Co, even though it prefers the matrix phase, is also dissolved quite
significantly in γ′, where it also, as in the matrix, will play a role in the stacking fault
energy. Since Nb strongly tends to dissolve in γ′, remaining segregation dynamics
after γ′ formation will be likely affected. Actually, nucleating γ′ may act as a “com-
peting trap” to interfaces for the Nb segregation. This consideration may be taken
into account when a subsolvus heat treatment step is planned prior to the main aging
event. Microsegregation during casting is the topic of the next section.

Microsegregation

Evaluatingmicrosegregation gives some indications on different relevance of alloyed
elements for chemically heterogeneous starting conditions for the processing subse-
quent to casting and the necessity/feasibility of a homogenisation step. Tailoring
of homogenisation is thereby supported by finite element diffusion simulations (not
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treated here). In the following, we compare the computation results of microsegrega-
tions of different elements after casting, i.e. the chemical difference between the first
solid fcc-structured matrix phase and the last crystallising liquid before complete
solidification. Moreover, phase fractions of primary particles can be assessed. Eval-
uation results of element partitioning between liquid and γ alloy-matrix are given in
Table 4.

Eta-phase is predicted to be a quite prominent primary phase, which—in addition
to the Ni3Ti-base—dissolves Cr and particularly Nb in its lattice, at temperatures
above possible stabilisation of delta-Ni3Nb. Al and Ti remain to accumulate in the
residual liquid, which are forming the centers of the interdendritic zone, even though
they are at the same time dissolved in primary eta-phase at the high temperatures
of completed crystallisation after the casting. Also, Nb tends to accumulate in the
residual liquid zones after casting. Fe enriches in the crystallising γ phase. Compu-
tation suggests the requirement of a homogenisation step prior to further processing
for all studied candidates.

The decrease of liquid fraction and increase of the γ′ phase fraction is increased
as a function of cooling, which is shown in Fig. 3a–d for four of the studied alloys.
The strongest stabilisation of primary eta-precipitates occurs during the casting of
EXP-G27 (see Fig. 3d; with a higher amount than 6 mol.%, its influence of further
processing and materials response is still to be researched in detail).

Thermokinetic Precipitation Simulation—from Validated
Cases to Prediction

For the time being, in the thermokinetic simulations we assume that the material has
been fully homogenized after casting, which is the ideal case of erasing effects that
were described in the previous section. The first thermokinetic simulations focus
on the nucleation and growth of γ′ at the cooling stage from the homogenization
temperature. To validate the simulations, experimental results on the diameter of
secondary γ′ at various cooling rates, obtained by Wlodek et al. [16], are compared
to thermokinetic predictions.

The mean sizes of secondary and tertiary γ′ as a function of ageing temperature in
alloy GH4096 are simulated and also compared to the experimental results published
in 2020 by Li et al. [17].

Case Studies with Experimental Input Data

The inverse relationship between cooling rate and size of secondary γ′ for 4 different
alloys (RENE 88DT, AD-730, M647, and EXP-G27) is predicted and, in the case of
RENE 88DT, compared to experimental values (Wlodek et al. [16]) in Fig. 4. The
applied heat treatment consists of an initial holding stage at 1120 °C followed by a



360 E. Povoden-Karadeniz and N. G. Arango

Ta
bl
e
4

E
le
m
en
tp

ar
tit
io
ni
ng

be
tw

ee
n
liq

ui
d
an
d

γ
al
lo
y-
m
at
ri
x
du

ri
ng

ca
st
in
g

C
r γ
/C
r li
q

C
o γ
/C
o i
q

W
γ
/W

iq
M
o γ
/M

o i
q

T
i γ
/T
i iq

A
l γ
/A

l iq
Fe

γ
/F
e i
q

N
b γ
/N

b i
q

N
i γ
/N

i iq

R
en
e8
8D

T
16
.4
3/
22
.9

13
.9
4/
0.
72

1.
3/
0.
56

1.
52
/2
.2
3

3.
42
/9
.1
6

4.
62
/8
.2
2

–
0.
23
/2
.2
8

58
.5
4/
47
.5

A
D
-7
30

16
.8
4/
16
.4

10
.1
4/
0

0.
91
/0
.2
3

1.
31
/1
.3
5

3.
08
/9
.8
2

4.
52
/9
.6

4.
98
/4
.3
4

0.
29
/4
.3

57
.9
3/
53
.3

M
64
7

16
.1
/2
0.
05

21
.7
2/
7.
5

1.
12
/0
.0
7

0.
78
/1
.1
1

1.
66
/2
.7
9

6.
55
/1
4.
14

1.
42
/0
.6

0.
88
/8
.2
4

49
.7
7/
45
.5

E
X
P-
G
27

17
.0
8/
18
.1

–
–

2.
33
/1
.7
1

1.
0/
6.
54

3.
65
/5
.0
7

19
.6
4/
8.
14

0.
8/
7.
86

55
.5
/5
2.
62



Applied Calphad to Cast and Wrought … 361

Fig. 3 Computed increasing
solid Scheil phase fractions
(“PHASE_S” in MatCalc)
and decreasing liquid
fraction as function of
continuous casting
simulation for alloy a
RENE88DT, b AD-730, c
M647, and d EXP-G27. The
largest primary precipitate
fraction of eta-phase is
expected for EXP-G27.
Eta-phase is forming in all
alloys during casting,
whereas a small amount of
primary γ′ phase is only
predicted for AD-730
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Fig. 4 Effect of the cooling rate on secondary γ′ size. Experimental results from RENE 88DT and
simulated values from RENE 88DT, AD-730, M647, and EXP-G27 are included

cooling step at different rates (1 °C /min, 30 °C /min … 2800 °C /min). No primary
γ′ is assumed in the microstructure as the cooling starts from 1 h at a supersolvus
temperature, where primary γ′ is considered to be fully dissolved.

The simulated results predict a very similar behaviour between RENE 88DT and
AD-730, undermining the impact Co has on the nucleation and growth of secondary
γ′. Furthermore, for higher Nb contents, as in M647 and EXP-G27, a large effect in
the precipitation of secondary γ′ is predicted, as the mean size of the precipitated γ′
at the same cooling rates is strongly reduced.

Following the results of 2020 by Li et al. [17] for the alloy GH4096, an age-
hardening treatment where sizes of both secondary and tertiary γ′ were characterized.
As explained for the case of Udimet 720 Li (Sect. 3.2.2, from [11]), the second wave
of γ′ (tertiary γ′) nucleates during the latest part of the cooling; this event can be
observed in the simulation when analysing the precipitate size distribution at two
different stages of the process, as seen in Fig. 5.

The simulation on the nucleation and growth of secondary and tertiary γ′ is vali-
dated by comparing the mean diameter of the precipitates at different aging temper-
atures (700 °C, 730 °C, 760 °C, and 790 °C) for 8 h with results published in Li
et al. [17], shown in Fig. 6. The main feature experimentally observed of secondary
γ′ was its coarsening resistance to the applied heat treatments, an effect also seen
in the simulations. On the contrary, the population of smaller γ′ displayed both,
through experiments and simulations, a size increase after the applied age-hardening
treatment, and the growth was more prominent at higher temperatures.
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Fig. 5 Precipitate size distribution at two different stages of the cooling step (850 °C and 20 °C),
initial precipitate population, termed as secondary γ′ nuclei at higher temperatures, and the second
precipitate wave (tertiary γ′) is distinguished at the end of the cooling

Fig. 6 Simulated and experimental results on the mean size of secondary and tertiary γ′ after aging
for 8 h at different temperatures; the initial condition is also shown and labeled as “as-solution”

Fully Predictive Applied Calphad for New Alloy Design

The present simulation approach can be used to predict the response of newly
designed alloys to heat treatments. In Fig. 7, the precipitate size distribution at the end
of the cooling step for alloys GH4096, EXP-G27, AD-730, and M647 is displayed;
in all 4 cases, both secondary and tertiary γ′ are present, although their sizes and
number densities differ.
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Fig. 7 Precipitate size distribution at the end of the cooling step for 4 alloys, GH4096, EXP-G27,
AD-730, and M647. Both secondary and tertiary γ′ are predicted in the 4 cases

Mechanical Properties

Validated Yield Strength Evaluation by Experiments

Apreliminary analysis on themechanical properties is done after comparing the yield
strength of the GH4096 alloy obtained by Li et al. [17], as a function of the aging
temperature to the total yield strength contribution from the precipitates (Fig. 8). To
model the influence of γ′ to the strength of the material, two different volumetric
misfitswere tested (1 and2%—both lying in factwithin the realistic range).Assuming
that the total yield strength contribution from precipitates is the most relevant term
to the strength of the material (around 1 order of magnitude larger than the solid
solution contribution to the yield strength), the effect of increasing aging temperature
is not huge on the mechanical properties of the material, given the high coarsening
resistance of the secondary γ′ precipitates. Simulations considering a volumetric
misfit of 1% follow this trend more accurately.

Prediction of Mechanical Properties

A similar approach can be used to predict the response of newly designed alloys
to various heat treatments and the effect they have on the strength of the alloy,
introducing a volumetric misfit of 1%; yield strength contribution from precipitates
in alloys AD-730, GH4096, and M647 as a function of aging temperature is shown
in Fig. 9.
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Fig. 8 Total yield strength contribution from γ′ precipitates for two different volumetric misfits
1% and 2%, compared to the experimental values of total yield strength as a function of aging
temperature

Fig. 9 Yield strength contribution from γ′ precipitates in alloys AD-730, GH4096, and M647 as a
function of aging temperature

Conclusion and Outlook

The kinetic stabilisation of topologically close-packed structures in the studied alloys
requires experimental investigation and confirmation by long-termaging simulations.
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This is also required for the primary precipitates being suggested by the Scheil calcu-
lation. Moreover, in a more comprehensive kinetic precipitation simulation, through
process modeling, combining the casting step, the homogenisation and subsequent
aging will be performed. In fact, a more complete comparative experimental vali-
dation of mechanical properties, which is not available to date, will consolidate the
computational prediction. Moreover, the kinetic simulation setup can be designed to
be more complex, in particular by including a potentially diffuse interface to model
for it being available [18]. This will shift the nucleation start temperatures, however,
currently there is a lack of experimental data, and thus calibration in themodelingwill
not be very reliable. Our next modeling and simulation step will involve particularly
heterogeneous recrystallisation.

By deforming the material, new dislocations appear in the microstructure; these
linear defects interactwith each other creating substructures that evolvewith time into
new recrystallized grains. To simulate the process of discontinuous dynamic recrys-
tallization in Ni-based superalloys, the multi-class grain distribution model included
in MatCalc will be used. The onset and evolution of recrystallization consider dislo-
cation kinetics, strain, strain rate, the initial grain configuration, temperature, and
subgrain growth, which combined with precipitation kinetics allow to model and
predict the microstructure evolution of the selected IN718 successor alloys.
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Multi-variate Process Models
for Predicting Site-Specific
Microstructure and Properties of Inconel
706 Forgings

Nishan M. Senayake, Tiffany A. Dux, and Jennifer L. W. Carter

Abstract High throughput measurements of structure from simulations and
microstructural analysis were developed and combined into an adaptable data-
analytics processing–structure–property modeling framework to gain insight into the
design envelope for forgings of Inconel 706. We highlight how thermal profiles from
finite element simulations (DEFORM) can establish time–temperature boundary
conditions for CALPHAD predictions of the combined γ′ γ′′ precipitate distribution
in Inconel 706 (structure predictors). Experimental observations of these precipi-
tate distributions allow for the tailoring of the CALPHAD interfacial energy. In this
manner, a 25 × reduction in the number of physical observations of γ′ and γ′′ distri-
bution (78 to 4) results in site-specific processing–structure, and processing–property
models of forged parts with 80% predictive power. Additionally, the gradient boost
modeling provides an opportunity to interpret feature importance in structure–prop-
erty models to provide engineers with design insights for future development efforts.
The adaptable framework would enable future DEFORM and CALPHAD simula-
tions to be added to the dataset so that engineers can interpolate within the existing
experimental dataset.

Keywords Inconel 706 · CALPHAD · Precipitate distributions · Data-enabled
process modeling

Introduction

The performance of superalloy forgings hinges on the careful design of the ther-
momechanical history to promote distributions of often dependent microstructural
features. Establishing predictive process–structure–property (PSP) models to tailor
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manufacturing routes requires immense cost due to the time-consuming task of quan-
tifying statistically significant observations of different predictors and performance
metrics acrossmultiple lengthscales [1]. Power analysis indicates that a simplemulti-
variate linear model of one performance metric, P, dependent on six input process
predictors (k= 6) (i.e., P= f(k1, k2,…k6)) with 80% predictive power, would require
120 observations; to predict n performance metrics (P1, P2, …Pn), a statistical study
protocol would require 120 observations of each n performance metric (ANOVA
would require 175n).

Measuring a statistical number of observations of predictors and metrics is chal-
lenging at both ends of the lengthscale spectra. Nanoscale precipitates, like the distri-
bution of the γ′ and γ′′ precipitates in Inconel 706 have required transmission electron
microscopywhich does not readily lend itself to transition fromqualitative analysis to
statistical measures [2]. Conventional mechanical testing, on the other hand, requires
relatively large volumes of material for a single observation. For example, the PSP
model work in aerospace disc alloys conducted by Semiatin et al. which separates the
different processing steps to related thermomechanical processing to grain size [3]
and supersolvus heat treatment to precipitate distribution [4], took years of develop-
ment. This is because in many cases, predictors and metrics are observed/measured
destructively resulting in development efforts that take many years to establish the
database necessary for PSP models [5, 6]. Since PSP models still require an iterative
design paradigm, this motivates the development of high-throughput measurements
for both experimental approaches [7, 8] and physics-based predictions [9, 10] if the
dramatic design paradigm shift predicted by the Materials Genome Initiative is to be
fulfilled [11].

In this paper, high-throughput measures of the precipitation distributions from
automated image processing of micrographs are used to calibrate CALPHAD simu-
lations of precipitate distributions. DEFORM simulations provide the processing and
structural predictors necessary to establish the boundary conditions of CALPHAD
simulations of previously unobserved precipitation distributions. In this regard, we
leverage high-throughput experiments and physics-based simulations to reduce the
necessary observation space for predictive PSP models for forgings of Inconel 706.
We demonstrate how a data-driven modeling framework, shown schematically in
Fig. 1, can combine different data types to understand PSP linkages in real forgings.

Approach

The heritage data for this work was obtained over a period of 10 years by the Howmet
Aerospace Forgings (formerly Arconic/Alcoa) during the requalification of the 50 k-
ton press after it was rebuilt in 2012. The dataset includes both categorical data with
discrete classes (i.e., heat treatment process location), and continuous numerical data
(e.g., grain size and yield strength). Data were acquired from ten 2–2.25 m diameter
(8620–12,920 kg) IN706 following OEM certification standards.
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Fig. 1 The data-driven framework accommodates ingesting heritage data retained by Howmet
Aerospace Forgings to create PSP models for Inconel 706 forgings. High-throughput imaging
processing and physics-based simulations enable us to augment the heritage data with new
observations and metrics

Howmet sampled variables from five different forging configurations, of two
different diameter types, with cylindrically symmetric disc/wheel geometry from
four concentric ring cutouts, from the bore (center) to the rim (the outer surfacewhere
blades would attach), are shown in Fig. 2. Test samples were also obtained at four
angular locations (0°, 90°, 180°, and 270°), and tensile samples were loaded parallel
to two orientations (tangential and axial). For each disc, variables were acquired from
a maximum of 16 distinct locations, each with a different strain/thermal history.
This amounts to 667 unique observations of tensile performance and 78 unique
observations of microstructure. All of the variables were measured experimentally
following ASTM standards, E930, E112, and E8-04, or simulated using commercial
software (DEFORM, with optimized inputs) and are categorized into one of three
different metrics, processing, structure, or properties, as shown in Table 1. The non-
descriptive variables aremaintained in the generalized framework to allowHowmet to
continue to build the dataset as new forgings are processed. The blue-bold processing
data in Table 1 are attributed to the tensile testing metadata.

The heritage data from Howmet did not include measured variables for the γ′
and γ′′ distributions. These were added to the dataset following procedures similar
to those used to calibrate models of precipitation kinetics in Inconel 718 [12]. The
CALPHAD interfacial energy was calibrated from observations of the precipitate
distribution from electron micrographs from samples with known thermal profiles.
After calibrating the interfacial energy, DEFORM simulations were utilized to input
boundary conditions for predicted distribution variables in unmeasured locations. In
thismanner, the number of physical observations ofγ′ theγ′′ distributions are reduced
by 20x (78–4); and relying onmore readily available experimental and computational
approaches allowing for industrial use with limited available technical resources.
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Fig. 2 Forgings have radial symmetry; the schematic on the right shows the sampling ring locations
over a whole disc. A cut-out on the left highlights the individual sampling locations (black dots)
within each ring

Table 1 Data frame of a
subset of the descriptive
categorized variables. The
number in parentheticals
indicates the total number of
variables in the metric
category

Processing (21) Structure (7) Properties (4)

Solution Temp
First Aging Time
Second Aging Time
Configuration
Radial Location
Angular Location
Orientation
Temperature

Avg. Grain Size
Largest Grain Size
Strain
Mean Radius of γ′
Mean Radius of γ′′
Area Fraction of γ′
Area Fraction of γ′′

Tensile Strength
Yield Strength
Elongation
Reduction Area

Precipitate distributions were measured in grains nominally oriented with <111>
crystallographic direction normal (±8°) to the sample surface as determined by
electron backscatter diffraction (EBSD) and located using the platinum marker as a
reference. The total area fraction of γ′ and γ′′ was quantified from over 300 observa-
tions of individual particles from each of the four heat-treated samples in a Thermo
Fisher Apreo scanning electron microscope (SEM) at 5 kV, in secondary electron
mode, similar to the method discussed in Senanayake et al. [7].

The image analysis algorithmwas developed in Python 3.9, usingNumPy, pandas,
and scikit-learn packages. First, the micrographs were denoised by removing objects
smaller than 25 pixels (2 nm) in diameter, the scale bar was cropped, and the input
pixel intensities were normalized to ensure robust image-to-image processing with
the standard image processing algorithms. The next step of the image segmentation
process is calculating the minimum threshold of the cross-entropy between the fore-
ground(precipitates) mean intensity and, and the background (matrix) mean intensity
[13]. The pixels in the area of interest were labeled as two classes, 1 for the back-
ground and 0 for the precipitates, as shown in Fig. 3. For the area fraction calculation,
all the pixels of each type of precipitate are counted and divided by the area of the
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Fig. 3 An etched (with by volume of 50% glycerin, 30% Lactic acid, 17.5% Nitric acid, and 3%
hydrofluoric acid in DI water) surface of superalloy IN706 using a secondary detector at 5 kV and
50 pA current b segmented image with two classes (background: purple, precipitates: yellow)

image. The uncertainty of the area fraction was calculated using the Monte Carlo
method randomly sampling 300 particles. Precipitate sizes were calculated by the
circular-equivalent radius method.

CALPHAD simulations were conducted in Thermo-Calc/PRISMA (TCNI9:Ni-
Alloys v9.1 andMOBNI5:Ni-AlloysMobility v9.1 databases) of the resulting γ′ and
γ′′ precipitate distributions. The boundary conditionswere the local time/temperature
profiles from four different samples provided by Howmet. Starting with the γ′ and
γ′′ precipitate interfacial energies for Inconel 718 [13] and understanding that chem-
istry is a small contributor [14], six combinations of γ′ and γ′′ interfacial energies,
maintaining constant ratio (between 0.021 and 0.026 and 0.02175 and 0.02675 J/m2,
respectively) were compared to the experimental observations from high-throughput
microscopy. As seen in Fig. 4, the trends of the simulation data align with the exper-
imental data. Interfacial energy S4 (0.0240 J/m2 for γ′ and γ′′ 0.02475 J/m2 for γ′′)
combination gives the best fit of the simulation results to the experimental data for
both assumptions. The values S4 range between the uncertainty values calculated for
each experimental data point. Therefore, the interfacial values of 0.0240 J/m2 for γ′
and 0.02475 J/m2 for γ′′ were used for the further CALPHAD simulations to obtain
the missing microstructure data for γ′ and γ′′.

Once interfacial energy was selected, the DEFORM simulations of thermal
profiles from thermocouple positions of real forging geometries were utilized to
subsequently approximate other 74 local time–temperature conditions at discrete
locations within thermomechanically processed Inconel 706 forgings that were not
experimentally observed.Thiswas doneby interpolatingbetween locations following
the one-dimensional, radially symmetric Fourier–Kirchhoff equation.Theprocessing
variables added to the database by interpretingDEFORMsimulations are indicated in
Table 1 by green-italic text, while the CALPHAD simulatedmicrostructure variables
added to the dataframe are indicated by red-italic text.

Finally, these high-throughput experimental observations of variables were added
to theheritagedataset to enablemachine learningmodeling.Thisworkused agradient
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Fig. 4 The interfacial energy can be tailored to match the simulated total volume fraction of γ′ and
γ′′ of samples within the uncertainty of the experimentally measured (black points and error bard)
combined area fraction from four unique heat treatments

boostmachine learningmethodof combiningmultiplemodels into a single composite
model based on a constructive strategy of ensemble formation. In boosting, models
in the ensemble that perform slightly better than random guessing (also known as
weak learners) are integrated one at a time. At each iteration, a weak learner is
trained with respect to the error of the entire ensemble model. The basic idea is to
construct new learners to be maximally correlated with the negative gradient of the
loss function [15, 16]. The efficacy ofmodels was estimated by calculating the adj-R2

value on the testing data following the conventional 80:20 train: test subsetting. The
importance of different variables as features in a given model was assessed using a
score derived from the Gini impurity [17]. The analytical framework was developed
using Python version 3.9.2. The NumPy and Pandas Python packages were used for
data ingestion and cleaning. XGBoost and scikit-learn Python packages were used
for data imputation andmodeling. The approach follows an iterative set of steps: data
preprocessing, hypothesis generation, algorithm selection, and feature importance.
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Results and Discussion

Exploratory Data Analysis

Exploratory data analysis (EDA) was conducted on the data to visualize trends and
develop model hypotheses. Simple, pair-wise visualizations indicate that all tensile
property metrics except percent elongation show a clustering with respect to test
temperature, Fig. 5. The behavior for both yield strength and tensile strength are
consistent so only one is visualized in Fig. 5. The data also indicates statistically
insignificant trends in tensile properties with respect to the radial position (indicated
in Fig. 2). Tensile anisotropy was only measured at room temperature, highlighted
triangles in Fig. 5, a repeat of the yield strength figure with tangentially oriented
samples of the yield strength grayed out. This data suggests a statistically insignificant
trend in properties as a function of tensile loading parallel to the radial or tangential
directions.

Fig. 5 Exploratory data analysis of the performance data indicates that there is a clustering of
tensile performance with test temperature, which is consistent with the literature. The yield strength
from the radially oriented samples collected at room temperature is highlighted with triangles, while
all gray points are tangentially oriented tensile observations
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The pair-wise plots indicate that there might be two methods of accommodating
tensile test temperatures within a model paradigm: (1) include temperature as a
numerical, continuous variable, or (2) include it as a factor in selecting which model
to utilize to predict the performance. Paradigm one is appropriate if there is only one
mechanism responsible for tensile properties or if the multiple mechanisms that are
responsible for tensile properties are all correlatively dependent on test temperature.
Paradigm two is more appropriate if we hypothesize that the mechanism responsible
for tensile properties each varies independently with temperature.

Pair-wise plots are a biased method of exploring the data because the domain
expert chooses which pairs of data to review. An unbiased method of EDA is to
conduct cluster analysis, which are unsupervised machine learning algorithms that
utilize different metrics to divide normalized, multidimensional datasets into homo-
geneous groups within a two-dimensional space. Collections of similar numerical
data exist as a single cluster of points, while dissimilar data cluster in separate groups.
The spacing between clusters depends on which numerical variables are included in
the similarity analysis. For example, when test temperature and angular location
are not considered a variable for similarity, the data in Fig. 6a separate into two
clusters and the impact of sample orientation and radial position are conflated into
a single cluster. When test temperature and angular location are considered a vari-
able of similarity, the independent impacts of sample orientation and radial location
become more evident in Fig. 6b. This is because now all tensile data were collected
at all temperatures but samples at particular angular locations were only tested in one
orientation, so the impact of temperature is reduced when included as a similarity
variable.A similar separation by orientation and location occurs if the t-SNE analysis
is only conducted on the tensile data collected at room temperature. No other macro-
level processing metric provides an obvious cluster in the tensile performance. This
indicates (1) that Howmet did a good job at designing the bulk processing conditions
such that the five different forging configurations are statistically equivalent, and (2)
that further insight into the tensile performance is going to require incorporation of
the localized processing and or microstructural data for each of the five different
forging configurations.

CALPHAD Prediction of Precipitate Distributions

The calibration of the CALPHAD interfacial energy was consistent with literature
results for the slight impacts of chemistry. The slightly larger interfacial energy of
γ/γ′′ of Inconel 706 compared to Inconel 718 is consistent with the literature. Devaux
et al. found that alloys that contain more nickel in the matrix favor lower interfacial
energy with γ′′ particles [18], while Liu et al. noted that Mo additions had the largest
effect on decreasing the interfacial energy of γ/γ′ [19]. The larger interfacial energies
in IN706 due to the absence of Mo, and lower Ni content compared to Inconel 718
are aligned with previous studies.
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Fig. 6 The t-SNE visualization of the clustering of multidimensional datasets changes with vari-
ables considered. The impact of bulk processing variable radial location (saturation) and tensile
test orientation (shape) is a less obvious when test temperature was not considered a variable of
similarity and b more obvious when test temperature was included as a similar variable

Processing–Structure–Property Models

Processing–structure (P-S) gradient boost models were accurate (adj-R2 > 0.94) for
grain size and strain variables. The feature importancemaps, shown in Fig. 7, indicate
that radial location, configuration, and solutionizing temperature are near equivalent
top-three contributors. The contribution of angular location/orientation and type on
the P_S models is an not actual insight but arises from bias in the sampling; there
are no angular locations for bore samples, so configuration and type are correlated.
Additionally, though structure variables were measured at each angular location, all
microstructure variables were only measured from one orientation.

The feature importance map provides insight into how model interpretation is
dependent on how we select variables. For example, there is continual debate among
the co-authors on how to categorize the strain variable: processing or structure.

Fig. 7 The feature importance word map, where larger/lighter feature texts are more important,
shows that the same top three processing variables are responsible for predicting the local grain size
and strain
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Table 2 Comparison of the predictive power (adj-R2) of theP_P andS_Pmodels at the twodifferent
temperature regimes

P_P S_P

Property variable 23°C 399°C 23°C 399°C

Yield strength 0.86 0.87 0.62 0.80

Tensile strength 0.92 0.90 0.74 0.58

Reduction of area 0.78 0.83 0.60 0.53

Elongation 0.76 0.62 0.59 0.56

When creating P_S models or processing–properties (P_P) models using the cate-
gories defined in Table 1, the impact of strain on grain size or properties is inferred
through the other processing variables. It is established knowledge that high disloca-
tion density (strain) enhances the recover-recrystallization kinetics and exacerbates
grain growth. The processing process does not occur all at once but in a series of
steps: forging, solutionizing, aging, etc. Therefore, adding insights or the ability to
extrapolate the P_S or P_P models to new processing conditions could be gleaned
by stringing models along in a logical order of operations.

Gradient boost P_Smodels of the precipitate variables are inappropriate since only
the local heat treatment parameters are considered in the CALPHADpredictions, and
these parameters are perfectly correlated. The value in adding the precipitate values
occurs as we transition to gaining insight from the structure–property models.

The processing–property (P_P) models for the property variables were created by
segmenting the data by test temperature into room temperature (23 °C) and elevated
temperature (399 °C). The data for the elevated temperature models included data
collected at 399 °C and 482 °C. The temperature-specific P_P models for strength
were more accurate (adj-R2 > 0.86) than the P_P models for ductility variables, as
summarized in Table 2.

The predictive power of the structure–property (S_P) models is lower than that
of the P_P models, as shown in Table P_P&S_P, but the value of the S_P models is
in the interpretability of the models to design new routes in an inverse fashion. The
feature importance word maps, Fig. 8, provide insights into how the gradient boost
model identifies how structural features that dominate the mechanical performance
change with temperature. The fact that grain size is fairly unimportant is consistent
with the range of grain sizes in the dataset being small (2.8–4.45), so even though the
data are normalized from zero to one prior to modeling the importance is small. At
low temperature, the strain processing parameter, which is a proxy for geometrically
necessary dislocation density (GND) is the most important feature for metrics of
ductility than strength. At elevated temperature, diffusion-mediated cross slip can
alleviate the stored GND, and the precipitate features become more important to
resisting further dislocation motion.

The predictability and insights from the models need to be considered within
the context of the data provided. The data are from forgings that are all designed,
using DEFORM, to manufacture material that all the various local conditions still
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Fig. 8 The feature importance word map, where larger/lighter feature texts are more important,
indicates that the importance of particular features is temperature-dependent

result in material that meets the OEM specification. Therefore, there is little varia-
tion in the dataset (consistent with the interpretation of the t-SNE cluster analysis in
Fig. 6). Therefore, it is not surprising that the insights are limited but it is reassuring
that these insights are consistent with common interpretation of physical mecha-
nisms. The advantage of this approach is the data framework provides a means of
combining heritage and new data sources with minimal redesign. Therefore, as the
manufacturing engineers begin the interactive design process for new tooling, geome-
tries, or process enhancements, new data points derived from DEFORM simulations
of processing variables and the geometries to directly predict strain and thermal
profiles can be added. These can then be used to predict precipitate distributions in
CALPHAD and then the trained gradient boost models can ultimately predict grain
sizes and properties for different geometries of the same material and expectedly
reduce the process development time.

Conclusions

In this work, a data analytics framework was demonstrated that links physics-based
simulations and experimental observations to develop predictive Process–Struc-
ture, Process–Property, and Structure–Properties models of forged Inconel 706. The
framework enables multiple phases of analysis to efficiently explore data trends and
build interpretable models. As part of this framework, we developed a novel two-
part high-throughput approach to approximating distributions of nano-scale precip-
itates. A machine learning image algorithm of SEM images that replaces conven-
tional, tedious analysis of transmission electron micrographs was established. This
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imaging approach and algorithm are implemented to calibrate interfacial energies of
IN706 for CALPHAD simulations. Directly linking experimental and physics-based
simulations enables a 25× reduction in the micrograph collection and analysis time.

The implemented set of gradient boost PSP models for IN706 predicts the
microstructure and themechanical properties basedon theprocessing andmicrostruc-
turewith an accuracyof up to 90%.Themodels and importanceof features are capable
of not only predicting the target variables with significant accuracy but also guiding
to understanding and explaining the physical insights.
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Abstract Requirements of stress-rupture life and elongation of nickel alloy 718
are often prescribed by specification AMS5596™ or AMS5662™, which broadly
state that the stress-rupture life and elongation must exceed 23 h and 4% at 649 ºC
(1200 ºF), respectively. Variability in product stress-rupture life can range from less
than 2 h to more than 1000 h depending on test load, which can cause significant
delays for testing, shipping, and delivery of a product. In this work, we predict the
stress-rupture life and elongation of HAYNES® 718 sheet product utilizing machine
learningmodels. Themodelswere trained on data from448 lots ofmaterial and inputs
including composition, room temperature mechanical property data, processing data
such as finish gauge, total reduction, final reduction, rule of mixture averaged prop-
erties, and environmental factors. Different sets of input features were chosen from
the highest absolute Pearson correlation values, one-way ANOVA analysis, random
forest (RF) model analysis methods, and generated compound features, and two
separate RF models were trained using an 80–20% split between training and testing
data. The resulting mean squared errors of best performing models of stress-rupture
life and elongations were 102 h and 7.2%, respectively. Input features of the highest
importance were observed to be room temperature tensile properties, finish gauge,
and tramp elements such as Co, P, and Si. These models can be utilized to accelerate
acceptance testing of 718 products by selecting the highest testing load that will still
guarantee passing test life and elongation results.
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Introduction

Nickel alloy 718 is commonly considered as the most significant nickel superalloy
produced in the world. Often this important technological alloy is specified using
either SAE AMS5596™ (flat products) or AMS5662™ (round products) specifica-
tions [1, 2], which outline requirements by product form for composition,microstruc-
ture, and mechanical properties. One of the longest tests required by specification is
the stress rupture test, which can take in excess of 1000 h to complete and poses a
risk for suppliers in delivering products on time.

At 649 ºC (1200 ºF) and a minimum of 655–689 MPa (95–100 ksi), AMS 5596
and AMS 5662 indicate minimum stress-rupture life and elongation of 23 h and 4%,
respectively.Upon reachingminimumspecification, the testmay be accelerated using
incremental loading of 34.5 MPa (5 ksi) every 8 h after the initial 23 h specification
has been met. Incremental loading offers suppliers a route to accelerate rupture tests,
but cannot always be used when other concurrent specifications prohibit uploading.
However, if the initial stress can be increased significantly above 689 MPa (100 ksi)
while meeting minimum life and elongation requirements, testing can be drastically
accelerated, ensuring on-time deliveries to customers.

Significant work has recently been reported on predicting stress-rupture and creep
properties in steels using machine learning techniques [3–7]. Due to the ubiquity of
steel, very large datasets exist to aid in training machine learning models and include
the NIMS databases [8], and highly accurate predictions of stress-rupture lives are
able to bemadewhen usingmore complexmethods such as gradient boost algorithms
[6, 7]. However, more limited data exists for Ni-based superalloys [8]. Some recent
work has focused on predicting mechanical properties in additively manufactured
components and single crystal Ni-based superalloys [9–13].

In this work, based on an extension of a Purdue University Senior Design project,
we utilize machine learning to predict the stress-rupture life and elongation of
HAYNES® 718 at 649 ºC and 724 MPa (105 ksi). These models can be used to
predict mechanical behavior prior to testing, and thus aid in initial stress selection to
minimize testing time while ensuring minimum specification requirements are met.

Methodology

Data Selection and Initial Input

Data from 448 lots of HAYNES® 718 alloy were used to train machine learning
models. The HAYNES® 718 data were drawn from an electroslag remelted (ESR)
sheet product ranging from 0.38 to 5.2 mm (0.015 in. to 0.205 in.) in thickness and
produced from 2018 to 2020. The resulting stress-rupture life distribution at 649
ºC (1200 ºF) and 724 MPa (105 ksi) ranged from 3.6 h to 1202 h, as shown in
Fig. 1. The initial data included primary melt composition data, cold and hot rolling
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Fig. 1 Histogram of the stress-rupture life (left) and stress rupture elongation (right). The red line
indicates the required specifications

data, ESR furnace and crucible number, and room temperature tensile testing data.
Additional physical, mechanical, and environmental data were utilized to expand the
dataset using a combination of rule of mixture averages for select composition data,
tabulated physical properties of chemical elements collected from Pymatgen [14],
as well as historical weather data.

The features selected were then categorized into 5 groups: composition,
processing, physical, mechanical, and environmental. Composition refers to an
encoding of the number and type of elements in a sample, physical refers to chemical
or thermodynamic related elemental properties, mechanical refers to those material
properties determined by the application of forces, environmental refers to weather
data in the location of production on the day an ingot was processed, and processing
refers to methods and specifications utilized to manufacture the ingot. In terms of the
number of data points, most data could be compartmentalized into the compositional
dataset as shown in Table 1. This table summarizes the groupings of data, but does
not include all features included in the analyses. In total, 57 input parameters were
considered for this work.

After preliminary data cleaning, an initial analysis of the Pearson correlation
coefficients between input (Table 1) and output (stress-rupture life and elongation,
Fig. 1) data was performed to determine any associations in the property groupings.

Exploration of non-linear relations between features in the dataset to creep rupture
life and elongation was accomplished by performing one-way ANOVA analysis with
(1) features combined additively to determine new compound features (e.g. nickel
+ boron), and (2) generation of new, higher-order compound features via a sure
independence screening and sparsifying operator (SISSO)-inspired algorithm. One-
wayANOVAdetermines howstatistically significant independent variables are to one
another [15].Statsmodels library returns a p-value,which, if below0.05, considers the
variables to have statistical significance. Statistically significant compound features
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Table 1 Input parameters used as features and their designated groupings. Features marked with
asterisk are those added to the original Haynes (R) 718 alloy dataset

Input
parameters

Compositional Al B Co Cr Mo Ni P Si

Ti W Nb Fe Cu Mn

Processing Finish gauge Total
reduction

Final
reduction

ESR furnace

Physical* Electronegativity Electrical
resistivity

Melting point

Mechanical* Bulk modulus Young’s
modulus

Density

Environmental* Daily max. temp Daily min.
temp

Humidity Barometric
pressure

*Additional Features added to dataset

with p < 0.05 were identified, tested with newly trained models, and assessed based
on model error.

For higher-order compound features, an implementation inspired by the SISSO
compound feature generation algorithm [16] was created to expand the available
features in the training set. The process for this feature generation can be seen in
Fig. 2. These compound features were intended to capture higher-order physical
relations by mathematically combining the features provided by Haynes, generating
orders of magnitude more features than originally existed, and choosing the highest
correlated features to be added to the machine learning, random forest (RF) model.
This further identified compound features of high importance, typically via highly
non-linear functions of multiple primary features.

After expanding the number of features, a RFmachine learningmodelwas utilized
for its unique ability to select the most important features. The RF machine learning
models were trained with the scikit-learn Python package utilizing 800 initial esti-
mators (trees), a max depth (of tree) of 80, minimum samples per leaf of 8, boot-
strapped samples to build trees, and mean squared error as the loss function [17].
This optimization was reached utilizing the grid_search function which performed
tenfold cross validation upon the model until the lowest mean absolute error (MAE)
was reached. The most relevant features were captured from the model via its Gini

Fig. 2 Overview of compound feature generation
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Importance, Mean Accuracy Decrease, and Shapley additive explanations (SHAP)
analysis.

The Gini Importance (mean decrease impurity) reduces either the impurity or the
variance: how consistent results are from between nodes in a decision tree, or the
amount of change the model will experience from changes in the dataset, respec-
tively. High variance is undesirable as that indicates overfitting and lack of ability
for the model to learn trends. Mean Accuracy Decrease, or permutation importance,
functions by determining the decrease of accuracy score based on the removal of
a feature [17]. SHAP utilizes game theory to determine the marginal contributions
of all permutations of the features [18]. The features then determined to be most
important were fed into a different RF model with the same parameters from the
lolopy Python package, to obtain uncertainty as well as the predicted value.

A classification model was also trained to identify whether a given sample would
pass the requirements given by the AMS5596 and AMS5662 specifications as the
regressor models have difficulty making predictions at the extreme ranges of the
dataset. Several popular classifiers, including Gaussian, Bernoulli, Random Forest,
Logistic-Regression, and K-nearest neighbors, were called from the scikit-learn
library, and models were trained for stress-rupture life (4 to 400 h) and stress
rupture elongation for (1 to 40% strain). Since different classifiers utilize substan-
tially different operational logic, the effect of classifier choice on performance was
evaluateable.

The Gaussian classifier attempts to classify the labels via a Gaussian distribution.
The Bernoulli classifier uses the simplest version of Bayes’ theorem to determine
class from the input only of a discrete dataset such as the one used here. The random
forest classifier works similarly to a random forest regressor, except the trees return
a label value and perform majority voting for selection. Logistic-Regression instead
computes the probability of the class via a matrix of maximum likelihood loss. K-
nearest neighbors has each point vote for its class, and those nearest to one another are
grouped and classed based on the majority vote. This was performed while utilizing
the same inputs for features found by the random forest regressor analysis, since
all classifiers (except random forest) are highly dependent on feature selection and
utilization of default hyperparameters from scikit-learn [16].

Results

Summary of 718 Dataset and Statistical Analysis of Inputs
to Outputs

The stress-rupture life data can be described as a normal distribution with outlier
values past 800 h and the majority of the data points being past the required threshold
of 24 h, as shown in Fig. 1. The stress rupture elongation has a right skewed distri-
bution with the majority of the results satisfying or exceeding the requirement of



388 D. E. Farache et al.

Fig. 3 Map of Pearson correlations between initial features and properties being predicted, with
red being positively correlated and blue being negatively correlated

4% strain. The feature set was expanded with elemental parameters via pymatgen
and the addition of weather data to identify contributing factors to the shape of the
distributions.

Initial analysis of the Pearson correlation coefficients between input (Fig. 3) and
output (stress-rupture life and elongation) data revealed that stress-rupture life shows
moderate positive correlation with room temperature mechanical properties and total
percent reduction, andmoderate negative correlation with the finish and intermediate
gauge and room temperature tensile elongation. In general, poor correlations below
absolute values of 0.3 were observed for all input data with stress-rupture life and
elongation.

Analysis of Compound Features and ANOVA (Expansion
of Dataset)

We performed one-way ANOVA analysis, represented in Fig. 4, where the rows
and columns are features combined to determine the influence of any two features
together on the output variables, stress-rupture life and elongation. It becomes clear
that a significant portion of the data now appears statistically significant, and Table 2
indicates that a combination of any feature and Finish_MO (Mill Order) has the most
influence on the output. Because Finish_MO appeared to have the most influence
on the output, the pairwise combinations of Finish_MO and the other features were
tested, but were found to increase the mean absolute error without improving fit.
Other feature combinations were shown to reduce the mean absolute error, such as
Molybdenum + Iron for stress-rupture life, and Nickel + Boron and TempMin +
Titanium for stress rupture elongation.
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Fig. 4 The plot represents the p-value given between one-way ANOVA of the column and row
features with SR life and SR elongation. P-values lower than 0.05 are considered statistically
significant and are represented in blue (more bluemeans better)while those in red are less statistically
significant
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Table 2 Top 5 one-way ANOVA features by lowest p-value

SR life SR elongation

Feature PR(>F) Features PR(>F)

Finish_MO + Humidity 2.73e-39 Finish_MO + Humidity 9.47e-40

Stock_Gauge + Finish_MO 3.06e-39 Finish_MO + TempMax) 1.66e-39

Molybdenum + Finish_MO 3.06e-39 Molybdenum + Finish_MO 1.85e-39

Finish_MO + CTE 3.06e-39 Stock_Gauge + Finish_MO 1.85e-39

Niobium + Finish_MO 3.06e-39 Finish_MO + CTE 1.85e-39

To further capture and identify feature importance aswell as to expand the features
available to train the model, the initial features were mathematically combined to
create compound features intended to capture physical relations. Pearson Correla-
tions for the most positive compound features for SRT Life and RTT Tensile strength
are shown in Tables 3 and 4, respectively.

Compound features generated for stress-rupture life (Table 3) resulted in an overall
increase in the Pearson correlation by ~0.06 compared to the highest correlated non-
compound feature (~0.52) from the initial dataset. It is clear that phosphorus content,
total reduction, yield strength, and titanium composition were the most important

Table 3 Top 5 compound features generated for SR Life

Compound feature Pearson correlation
(
[P]4 ∗ Total Reduction4

) + (Y ield
1
4 ∗ [T i]

1
4 ) 0.5938

(
[P]4 ∗ Total Reduction4

) + (Y ield
1
4 + [T i]4) 0.5934

(
[P]3 ∗ Total Reduction3

) + (Y ield
1
4 + [T i]4) 0.5916

(
[P]3 ∗ Total Reduction3

) + (Y ield
1
4 ∗ [T i]

1
4 ) 0.5915

([P] ∗ Total Reduction) + (Y ield
1
4 ∗ [T i]4) 0.5840

Table 4 Top 5 compound features generated for RT tensile strength

Compound feature Pearson correlation
(
[B]

1
4 ∗ Total Reduction

)
∗ (FinishGauge

1
4 ∗ Total Reduction) 0.8817

(
FinishGauge

1
2 ∗ Total Reduction4

)
∗ ([Ni]

1
3 − Total Reduction

1
4 ) 0.8801

(
[B]

1
2 ∗ Total Reduction

1
2

)
∗ (FinishGauge

1
4 ∗ Total Reduction) 0.8801

(
[Cr ]

1
4 − Total Reduction

1
4

)
∗ (FinishGauge

1
4 ∗ Total Reduction) -0.8792

(
[Cr ]

1
3 − Total Reduction

1
2

)
∗ (FinishGauge

1
4 ∗ Total Reduction) -0.8791
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features for stress-rupture life given that all of the top five generated features for
stress-rupture life were variations of the same set of initial features.

The top five compound features for RT tensile strength (Table 4) showed amarked
increase in Pearson correlation over the next highest correlated non-compound
feature (~0.52), yielding nearly 70% increases in the magnitude of Pearson correla-
tion for the best compound features. These marked increases in Pearson correlation
provided confidence in the chosen methods used for generating compound features.

Analysis of Features with Scikit-learn and SHAP

The scikit-learn RF model for stress-rupture life appears to have difficulties with
outliers in the dataset. Both parity plots, shown in Fig. 5, exhibited similar trends of
fitting similar values along a line that did not match the line of best fit, indicating
that the models were unable to demonstrate learning, especially at the extremes. The
model’s attempt to minimize the variation did result in maintaining a low error of
103 ± 9.4 h (less than 10% of the total range of values) for the rupture life, while the
stress rupture elongation had an error of 7.43 ± 0.51%. For both, most predictions
fit within two standard deviations.

Given the model was able to maintain the predictions mostly within two standard
deviations, we deem the model reliable enough to extract important features. The
mean accuracy decrease results indicated that for stress rupture time, the features RT
Tensile (ksi) and RT 0.2% Yield (ksi) are most important as seen from the Pearson
correlation map. Interestingly, the compositional, environmental, and processing
features begin to appear: Titanium for compositional, minimum day temperature

Fig. 5 The image is a parity plot of the scikit-learn RF model trained on all features with output
stress-rupture life (left) and stress rupture elongation (right). Red dots indicate training, blue dots
indicate testing data, black lines are two standard deviations from the line of best fit, and the dashed
line is the line of best fit
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Fig. 6 Bar charts indicate features of greatest correlation in decreasing order based onMean Accu-
racy Decrease analysis (top row) compared to Gini Importance (bottom row) for stress-rupture life
(left) and stress rupture elongation (right)

for weather, and ESR Furnace # for processing features (Fig. 6). The Gini Impor-
tance analysis also selected the same top features but instead placed priority on the
compositional features of Co, P, and Si as shown in Fig. 6.

The stress rupture elongation results from mean accuracy minimization placed
high importance on Intermediate Gauge and the environmental feature of melt date.
The high importance of melt date could be attributed to seasonal variation in envi-
ronmental conditions. The Gini Importance assigned greater relevance to processing
features seen in the Pearson correlation map but chose another environmental feature
of humidity as seen in Fig. 6. The regressor further selected compositional features
of Mo, Cr, and W and the first mechanical feature, hardness.

SHAP analysis leads to similar results to both Gini Importance and Mean Accu-
racy based analysis, with the addition of ESR Crucible # for stress-rupture life and
the addition of Mo and P for stress elongation (Fig. 7). All features were compiled
along with compound features and ANOVA features that had high correlation, or
those features that reduced the mean absolute error of the model when added to the
dataset.
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Fig. 7 Bar charts of greatest correlation of important/influential features using SHAP Mean value
for stress-rupture life (left) and stress rupture elongation (right)

Machine Learning of Elongation and Stress-Rupture Life
Lolopy and Scikit-learn Classifier

Based on the above analyses, a feature set comprising 23 features for stress-rupture
life and 16 features for stress rupture elongation was used to train a lolopy random
forest to not only predict features but also extract uncertainty. These results are
summarized in Fig. 8.

The stress-rupture life results indicate that learning was achieved without overfit-
ting, as observed by the strong correlation in the training data and similar correlation
of the testing data. The testing data indicated that very low (<150 h) and very high
(>500 h) stress-rupture life predictions were anomalously high and low, respectively,
as shown in Fig. 8. However, the predicted values between 150 and 500 h show tight
clustering around the parity line, well within two standard deviations of the dataset
and indicating good predictability.

In contrast, the stress rupture elongation model indicated good training, but the
resulting test set showed poor learning as shown by the relatively horizontal values
in the stress rupture elongation plot in Fig. 8.

The classification models for the stress-rupture life perform well at low value cut-
offs, with the Random Forest, Gaussian, K-Nearest, and Logistic classifiers having
similar results, and only the Bernoulli failing at larger thresholds as seen in Fig. 9.
The classification models for stress rupture elongation had greatest accuracy at the
edge thresholds with the random forest classifier outperforming or matching all other
models. It is also apparent that all classifier models tend to have worse performance
as the threshold is set more towards the center of the dataset, making equivalent
sections of the two classes. This is conspicuously apparent for the Bernoulli classi-
fier stress-rupture life output (Fig. 9 at left), even though it is nearly equivalent in
accuracy to all other classifiers for the prediction of rupture elongation. The stress-
rupture life threshold was cut off at Haynes International’s request, as the intention
of this work was to apply findings to the manufacturing process. Batches above
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Fig. 8 Parity plots are shown for Predicted Life (top row) and Predicted Elongation (bottom row)
based on training with Gini Importance features only (left plots), training with Gini Importance,
Mean Accuracy Decrease, and SHAP features (middle plots), and training with all previous features
including SISSO (compound) and ANOVA features (right plots). Red points represent training data,
and blue points testing data with uncertainty of the prediction. The blue dashed line is the line of
best fit, while the black lines are two standard deviations from that line of best fit

the 400 h threshold were judged to have negligible impacts on processing time.
The observed correlation between the model accuracy and the sample frequency
displayed in Fig. 1 is attributed to the difficulty in distinguishing differentiating
features as sample frequency increases for a given threshold. As more samples are
available for a given threshold, distinctive features are less uniform across a larger
set of samples than a smaller set. Thus, we see predictive accuracy fall when a larger
set of less uniform samples are passed to the binary classifier.

Discussion

Analysis of Feature Importance

The random forest features of highest importance determined from the Gini Impor-
tance method (mean decrease impurity) were the room temperature yield and tensile
strength stress-rupture life, and intermediate gauge for stress rupture elongation.
Other features of importance to stress-rupture life included phosphorous and silicon,
which have been shown to dramatically affect stress-rupture life in nickel alloy 718
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Fig. 9 Plots comparing model accuracy for various classifier tests and their error for each using an
interval of 1 for stress-rupture life (SRT) at values from 4 to 400 h (left) and stress rupture elongation
at values from 1 to 40% (right)

[19, 20]. As can be seen in Fig. 10, the inclusion of features, including complex
ones, improves the model as they are added with the MAE of stress rupture time
decreasing from 109 ± 10.3 (h) to 102 ± 8.5 (h) and stress rupture elongation from
7.23 ± 0.49 (%) to 7.19 ± 0.41 (%).

In comparison to the scikit-learn model with all features used for training and
the lolopy models with selected features, the lolopy models outperformed the scikit-
learn regressors as expected. The error for stress-rupture life dropped from 103 ±
9.4 to 102 ± 8.5 (h) and the stress elongation error dropped from 7.43 ± 0.51 to
7.19 ± 0.41 (%). Furthermore, the scikit-learn parity plots did not exhibit good

Fig. 10 Schematic showing the reduction ofMean Absolute Error (MAE) with increasing incorpo-
ration of compound features, starting with Gini Importance, then adding those fromMean Accuracy
Decrease shortened to Mean Accuracy and SHAP, and finally adding ANOVA and SISSO features
(compound features)
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fitting behavior, and had difficulty with outliers, while the feature selected lolopy
models were capable of learning, exhibiting better conformance to the line of best
fit and keeping outliers within two standard deviations from it. In addition to this,
lolopy provides an uncertainty value for predictions, granting further confidence in
the prediction value and future values that can be utilized for diagnostics.

Classification of Elongation and Stress-Rupture Life

The classifier proved most effective at the extremes of the dataset that were the
true focus of this investigation and suggests the strong potential to inform whether
products would meet the requirements of the AMS5596 or AMS5662 standard. The
classifier would work in combination with the regressor as a prerequisite to making
a prediction of stress-rupture life using the regressor.

Classification model accuracy is highest at the two extremes of the dataset, that
is, when < 4 h or >> 400 h is used as the threshold, because the data almost entirely
belongs to one category, and it is easier for the classifier to place all data points in
that category. On the other hand, it can be seen from the histogram plot that 400 h is
closer to the center of the data distribution. In other words, there are a large number
of data points above and below the 400 h threshold, making it harder for the classifier
to predict with high accuracy. We thus see a model accuracy trend which inversely
correlates with the frequency of occurrence of SRT values.

Further Work

The models have displayed interesting correlations, especially with features related
to composition and environmental effects. Due to their high potential impact, further
experimentation is recommended to better understand the effects of trace elements
Co, P, and Si, and the environmental effect of humidity. Of further interest would
be to perform the same analysis with the addition of microstructural features such
as grain size, delta phase fraction and morphology, and twin boundary fraction.
Additionally,moreprocessingdata includingmean strains across rolling steps, rolling
temperatures before and after each step, and potentially remelting melt rates could
provide additional insight into creep performance based on processing history.

Conclusions

The regressor models were shown to be able to reasonably predict stress-rupture life
within two standard deviations of a line of best fit for HAYNES® 718 sheet, with
the most accurate predictions for the middle of the distribution of the dataset. The
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models did perform worse at predicting values at the extreme ends of the dataset,
which was addressed by the use of a classifier to inform whether or not ingots at
the extremes of the training set would pass specification. From the feature analyses,
physical processing features including finish gauge, total % reduction, and RT tensile
and yield were found most important. For stress rupture elongation, environmental
features of humidity and melt date were also flagged as highly impactful. Trace
elements of Co, P, and Si further appeared, which correlated well with the literature
that suggested small compositional changes of such elements could discernably affect
these types of output parameters.

To further enhance the accuracy of the model, it is believed that microstructural
data could improve the feature analysis methods used. In order to obtain higher
Pearson correlations in our compound feature creation, the addition of microstruc-
tural features to the dataset would allow for the discovery of compound features that
would connect better with physical intuition rather than simply the importance of
a given compound or mechanical property. Similar results would be expected for
ANOVA analysis.
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Competitor Ti-Comprising Refractory
High Entropy Alloys to Superalloy 718
for Aeroengine Applications

Tanjore V. Jayaraman and Ramachandra Canumalla

Abstract Superalloy 718 and its derivatives are ubiquitous to aeroengine appli-
cations owing to their excellent formability, ultra-high strength, good thermal
stability, adequate weldability, and so forth. However, currently, the relatively
lighter Ti-comprising refractory high entropy alloys (Ti-comprising RHEAs), having
a unique combination of ambient and elevated temperature mechanical proper-
ties and corrosion resistance, are projected as potential competitors to super-
alloy 718 and their derivatives. We analyzed the current literature data of, rela-
tively lighter, Ti-comprising RHEAs by a novel combination of multiple attribute
decision making (MADM), hierarchical clustering (HC), and principal compo-
nent analysis (PCA)—to identify the probable competitors to superalloy 718 for
aeroengine applications. The ranks assigned by six MADMs, chosen for the
investigation, including ARAS (additive ratio assessment), MEW (multiplicative
exponent weighing), OCRA (operational competitiveness ratio), ROVM (range of
value method), SAW (simple additive method), and WEDBA (weighted Euclidean
distance-based approach), were concordant. PCA consolidated the MADM ranks
of the alloys, while HC identified similar top-ranked alloys. The analyses identify
three Ti-comprising RHEAs, viz., ONS-BCC–Ti17.8 (Al20.4–Mo10.5–Nb22.4–Ta10.1–
Ti17.8–Zr18.8), EF-BCC-Cr20–Ti20 (Ti20–Zr20–Hf20–Nb20–Cr20), and ONS-BCC–
Ti27.9 (Al11.3–Nb22.3–Ta13.1–Ti27.9–V4.5–Zr20.9), having properties comparable or
superior to superalloy 718 and reveal their potential to substitute critical parts in
aeroengines.

Keywords Superalloy 718 · Ti-comprising refractory high entropy alloys ·
Multiple attribute decision making · Material selection
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Introduction and Background

Superalloy 718 and its derivatives, having an excellent combination of properties,
have been extensively used in aeroengine applications. For the past fewdecades, there
have been prominent efforts to reduce the weight of the aeroengines by using lighter,
stronger, and corrosion-resistant materials [1]. The use of conventional titanium
alloys, pronounced for their significantly low density (about half that of steel and
superalloys), good mechanical properties (both at room and elevated temperatures
up to about 600 °C), corrosion resistance, and forgeability have gone up from about
0% in 1950 to beyond 30% at present in various aeroengine fan and compressor
(shafts, discs, blades, casings, etc.) parts [2–5]. In low-pressure turbine blades, the
intermetallic TiAl alloys (Ti–48Al–2Cr–2Nb and other variants) with even lower
density and superior elevated temperature properties compared to the conventional
Ti alloys have replaced heavier superalloys [6–8].

With growing interest in replacing the heavier superalloys, the sustained research
over more than a decade in the new class of alloys, the high entropy alloys (HEAs),
has presented opportunities for refractory high entropy alloys (RHEA). The RHEAs
have an excellent combination of basic properties (reported in the current literature)
including density, yield strength at room and elevated temperatures, good struc-
ture that meets the thermal stability requirements, and great potential for elevated
temperature applications [1, 9–20]. To narrow down the RHEAs (comprising refrac-
tory elements Ti, Zr, Hf, V, Nb, Ta, Cr, Mo, and W) for the aeroengine applications,
where density is a crucial parameter for weight reductions, it is apt to focus on the
RHEAs that comprise the lighter refractory element Ti (i.e., Ti-comprising RHEAs)
in the current literature, and, subsequently, compare them with the current industry
benchmark of superalloy 718 and its derivatives, Inconel 718 [21–23].

The number of such Ti-comprising RHEAs is limited in the current literature. It
is imperative to devise a methodology to rank the available Ti-comprising RHEAs
using the basic properties mentioned above (density, yield strength at room temper-
ature, and yield strength at elevated temperature). Once the alloys are ranked, the
focus could be shifted to a few top-ranked Ti-comprising RHEAs with equivalent or
superior properties compared to the benchmark and, subsequently, generate exten-
sive data of various other properties, viz., stress rupture, creep, fracture toughness,
thermal stability, etc., based on the application requirements. Such an approach
will save time, effort, and cost compared to generating extensive data for numerous
alloys. Material selection is a holistic approach to selecting an optimal material
from a list of materials, which typically involves trade-offs between various prop-
erties, cost, availability, environmental effects, etc. [24]. Multiple attribute decision
making (MADM) finds wide applications in many industries, including manufac-
turing, logistics, construction, transportation, and material selection, which involves
making preference decisions over the available alternatives characterized bymultiple
and usually conflicting attributes or properties [25–27].

In the present investigation, we applied multiple attribute decision making
(MADM) coupled with advanced statistics to rank the Ti-comprising RHEAs in
the literature and identify the competitors to superalloy 718 for elevated temperature
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aeroengine applications. The paper ranks the Ti-comprising RHEAs in the litera-
ture by MADM, consolidates the ranks evaluated by diverse MADMs by applying
mean-based and principal component analysis (PCA)-based techniques, assesses the
relative similarities (or differences) among the alloys by hierarchical clustering (HC),
and identifies/recommends the top three Ti-comprising RHEAs for further evalua-
tion for the potential replacement of superalloy 718 and its derivatives in aeroengine
applications.

Materials and Methodology

We applied a novel methodology of data-driven sorting and selection of Ti-
comprising RHEAs from the literature, which consisted of the following routines: (i)
compile literature data, (ii) apply six multiple attribute decision making (MADM)
methods, viz., ARAS (additive ratio assessment), MEW (multiplicative exponent
weighing), etc., (iii) consolidate the ranks by advanced statistical techniques, and
(iv) identify Ti-comprising RHEAs that are competitors to superalloy 718 for aero-
engine applications. Figure 1 presents the flowchart of the novel methodology for
data-driven sorting and selection of Ti-comprising RHEAs from the literature.

Fig. 1 The flowchart of data-driven sorting and selection of Ti-comprising refractory high entropy
alloys
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Literature Data

We compiled a list of Ti-comprising RHEAs and their properties from the
literature, including conference proceedings and peer-reviewed journals [1, 9–19].
Table 1 presents the alloy chemistry (in at. %), processing conditions, imminent
microstructures of the alloys, and unique identifier assigned for the current study—
alloy designation, while Table 2 presents their properties. The properties density
(ρ), yield strength at room temperature (0.2% YS-RT ), and yield strength at 800 °C
(0.2% YS-800 °C) reported in the current literature were analyzed. For the targeted
aeroengine turbine applications, a combination of low density and high yield
strengths at ambient and elevated temperatures is desirable. Hence, in the parlance
of MADM, ρ is a minimizing attribute (lower the better), while 0.2% YS-RT and
0.2% YS-800 °C are maximizing attributes (higher the better). Thus, the alternatives
(Alloy designation) and the attributes (ρ, 0.2% YS-RT, and 0.2% YS-800 °C) form
the data matrix for the study.

Ranking and Analyses

We evaluated the ranks of the decision matrix (columns Alloy designation, ρ, 0.2%
YS-RT, and 0.2%YS-800 °C in Table 2) by several MADMmethods. Making prefer-
ence decisions over the available alternatives that are often characterized by multiple
and usually conflicting attributes isMADM [25, 26]. Distinct components ofMADM
are (i) the decision matrix, which comprises alternatives and attributes, and (ii)
attribute weights that quantify the relative importance of the attributes [25, 26, 28].
The attribute weights are of two types: (a) objective—applies a mathematical model
to quantify the relative weights of the attributes; and (b) subjective—takes experts’
opinions (sound judgment based on the intended application) and designers’ opin-
ions (design constraints) to quantify the relative weights of the attributes.We adopted
subjective attribute weights whereinwe assigned equal weights (1/3) to each attribute
(ρ, 0.2% YS-RT, and 0.2% YS-800 °C) in this investigation. The sixMADMmethods
identified for the investigation are as follows: Additive ratio assessment method
(ARAS) [29–31], Multiplicative exponent weighting (MEW) [25, 28, 32], Oper-
ational competitiveness ratio (OCRA) [33–35], Range of value method (ROVM)
[36, 37], Simple additive weighting (SAW) [25, 26, 38, 39], andWeighted Euclidean
distance-based approach (WEDBA) [26, 40, 41]. Themodus operandi of theMADMs
was soft-coded in Microsoft Excel.

Each MADM method applies a unique mathematical aggregation procedure to
rank the alternatives; consequently, the ranks evaluated by the methods are likely to
deviate. We evaluated Spearman’s correlation coefficients to quantify the similarities
(or differences) among the ranks from the six MADMs [42, 43]. The ranks obtained
by various MADMs were consolidated by basic and advanced statistical techniques.
In the former, ranks were consolidated by taking the mean (average), while, in the
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Table 2 The properties—density (ρ), yield strength (0.2% strain offset) at room temperature (0.2%
YS-RT ), and yield strength (0.2% strain offset) at 800 °C (0.2% YS-800 °C)—of the Ti-containing
refractory high entropy alloys (from the literature) identified for the data-driven analyses

Alloy designation Density (ρ)
(g/cm3)

0.2% YS-RT
(MPa)

0.2% YS-800 °C
(MPa)

References

TKT-HESA1-FCC–Ti 5.8 7.44 875 800 [1, 9]

KWG-HESA2-FCC–Ti 5 7.60 1000 700 [9]

HMD-HESA3-FCC–Ti 6-5H 7.38 568 535 [10]

HMD-HESA3-FCC–Ti 6-50H 7.38 596 581 [10]

ONS- BCC–Ti17.8 7.21 2000 1597 [11, 12]

ONS-BCC–Ti 26.7 6.74 1280 728 [11, 12]

ONS- BCC–Ti18.9 8.86 1841 796 [11, 12]

ONS-BCC–Ti 27.2 7.91 1965 362 [11, 12]

ONS-BCC–Ti 27.7 7.49 1965 678 [11, 12]

ONS-BCC–Ti 27.9 7.27 2035 796 [11, 12]

NDS-BCC–Ti 25.1 5.46 1020 685 [13]

ONS-BCC–Ti 20 8.19 1595 983 [14]

DBM-BCC–Ti 24.5 6.50 1105 187 [15, 16]

DBM- BCC–Ti19.4 6.44 918 240 [15, 16]

DBM-BCC–Ti 23.9 6.66 1260 300 [15, 16]

DBM- BCC–Ti19.9 6.53 1298 615 [15, 16]

NNG-BCC–Ti 20 8.62 1575 825 [17]

ONS- BCC–Ti19.7 9.79 929 535 [18]

EF-BCC-V20–Ti 20 8.00 1170 1148 [19]

EF-BCC-Cr20–Ti 20 8.17 1375 1325 [19]

latter, the ranks were consolidated by principal component analysis (PCA) [44–46].
PCA, a multivariate technique, reduces the dimensionality of the data set consisting
of several variables to a new set of variables by orthogonal transformation. The new
set of variables, commonly termed principal components (PC), are ordered such that
the first few PCs (usually one or two) retain the most variations in the original data.
Additionally, we evaluated the relative similarities (or differences) among the alloys
by hierarchical clustering (HC) [47]. The statistical analyses were carried out on the
commercial software Minitab® 20.3.

Results and Discussion

Table 3 presents the descriptive statistics of the Ti-comprising RHEAs in the liter-
ature. Inconel 718, the current benchmark for aeroengine turbine applications, is
a conventional alloy (not a high entropy alloy) whose ΔSconfig, ρ, 0.2% YS-RT, and
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Table 3 Descriptive statistics of the properties of the Ti-comprising refractory high entropy alloys
from the literature

Attribute Minimum Maximum Range Mean ± stdev

ΔSconfig/R (mol−1) 1.35 1.76 0.41 1.58 ± 0.12

ρ (g/cm3) 5.46 9.79 4.33 7.47 ± 0.98

0.2% YS-RT (MPa) 568 2035 1467 1319 ± 464

0.2% YS-800 °C (MPa) 187 1597 1410 721 ± 351

0.2% YS-760 °Care ~10.81 J/Kmol, 8.28 g/cm3, 1034MPa, and 758MPa (at 760 °C),
respectively [21–23]. Comparing the properties of the Inconel 718 with the descrip-
tive statistics of the literature data of Ti-comprising RHEAs reveals the following:
(i) the mean of ρ (~7.47 g/cm3) is less than the benchmark, (ii) the mean 0.2% YS-
RT (~1319 MPa) is greater than the 0.2% YS-RT of the benchmark, (iii) the yield
strength for Inconel 718 (~758 MPa) at a relatively lower temperature of 760 °C is
greater than the mean of 0.2% YS-800 °C (~721 MPa) of the literature data, which
is at a higher temperature, i.e., 800 °C; it is reasonable to assume that 0.2% YS for
Inconel 718 at 800 °C is likely to be similar to the mean of the 0.2% YS-800 °C of the
Ti-comprising high entropy alloys. Hence, the combination of properties of certain
Ti-comprising RHEAs is likely to be better than the benchmark based on the three
attributes chosen (and available in the literature) for the investigation.

Figure 2 shows the ranks of the alloys evaluated by the six MADMs. The alloys
ranked 1, 2, and so on are considered top or best alloys. Since each MADM method
applies a unique mathematical aggregation procedure to sort the alternatives, the
ranks evaluated by various methods are likely to deviate, as evident from the figure.
For example, all the MADMs identify ONS- BCC–Ti17.8 (shaded in green) as the
top-ranked alloy (rank#1).On the contrary, the rank evaluated by the variousMADMs
toNDS-BCC–Ti25.1 (colored in red) differs significantly. Table 4 shows Spearman’s
correlation coefficients (Sρ) that quantify the similarities (or differences) among the
ranks evaluated by the six MADMs. However, of the 15 combinations, 11 combi-
nations (~73%) have Spearman’s correlation coefficients (Sρ) > 0.80, while the rest
have Sρ > 0.60. Such a strong correlation of ranks elicits that it is reasonable to
consolidate the ranks from various MADMs.

Figure 3a presents the mean-based consolidation of the ranks of Ti-comprising
RHEAs from the six MADMs. The consolidated rank of the alloys is superimposed
(solid yellow points and dashed green lines) over the individual MADM ranks as
in Fig. 2. The three top-ranked alloys are ONS-BCC–Ti17.8 (Rank#1), EF-BCC-
Cr20–Ti 20 (Rank#2), and ONS-BCC–Ti 27.9 (Rank#3). Figure 3b shows the PCA-
based consolidation (score plot) of the ranks of Ti-comprising high entropy alloys
from the six MADMs. The score plot presents the first two components (PC1 and
PC2), post-reduction of the data dimension (6, i.e., ranks from six MADMs) into a
two-dimensional space. Table 5 presents the eigenvalues (and their proportion) that
capture the variation of the distribution of each principal component. The new axes
capture ~98% of the variation in the original data. Thus, this way of presentation
qualifies to be called a rank chart. The first principal component (PC1) captures
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Fig. 2 The ranks of Ti-comprising refractory high entropy alloys evaluated by the six multiple
attribute decision making (MADM) methods. For example, all the MADMs assign similar rank #1
(green ellipse) to the alloy ONS- BCC–Ti17.8. On the other hand, MADMs give a diverse rank
(pink ellipse) to the alloy NDS-BCC–Ti 25.1

Table 4 The Spearman rank (Sρ ) correlation among the six multiple attribute decision making
(MADM) methods

ARAS MEW OCRA ROVM SAW

MEW 0.920

OCRA 0.929 0.965

ROVM 0.910 0.741 0.728

SAW 0.979 0.872 0.877 0.941

WEDBA 0.836 0.618 0.617 0.965 0.877

~88% of the variation or scatter in the original data, while the second principal
(PC2) describes ~10% of the variation. Since PC1 captures nearly 88% of the vari-
ation in the initial six dimensions (i.e., sets of ranks), it approximates the consoli-
dated ranks of Ti-comprising RHEAs. An imaginary reference line (perpendicular
to PC1) traversing from left to right (–4 to 4) indicates the overall ranks of the
alloys. The alloys ONS- BCC–Ti17.8 (Al20.4–Mo10.5–Nb22.4–Ta10.1–Ti17.8–Zr18.8),
EF-BCC-Cr20–Ti 20 (Ti20–Zr20–Hf20–Nb20–Cr20), and ONS-BCC–Ti 27.9 (Al11.3–
Nb22.3–Ta13.1–Ti27.9–V4.5–Zr20.9) are the top three alloys in that order. The three top-
ranked alloys by PCA-based consolidation are strikingly similar to the top-ranked
alloys bymean-based rank consolidation. The dendrogram, by hierarchical clustering
(HC), in Fig. 4 revealed that the top three alloys are ~85% similar to one another and
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are only somewhat similar to the rest of the alloys. Apparently, the similarities among
the top three Ti-comprising RHEAs are that the configurational entropy is greater
than ~13.3 J/K mol and the alloys have a body-center cubic crystal structure. Specif-
ically, the top-ranked alloy ONS- BCC–Ti17.8 (Al20.4–Mo10.5–Nb22.4–Ta10.1–Ti17.8–
Zr18.8) is lighter than superalloy 718 by ~13% and has significantly superior room
temperature and elevated temperature yield strengths. The potency of the data-driven
methodology could further be tapped by effectively and appropriately choosing the
weights of the properties for specific aeroengine turbine applications.

From the materials engineering perspective, refractory elements Ti, Zr, Hf, V,
Nb, Ta, Cr, Mo, and W in RHEAs extend the application of these alloys to elevated
temperatures [11–20] due to their intrinsic nature—high melting point promoting
higher thermal stability and service temperature, and the ease to form single-phase
microstructures. Ti, the lightest among the refractory elements, would contribute
to a significant reduction of density. Further, to reduce the density, Al and Si are
added that improves other properties as well. With a proper combination of the
refractory alloying elements along with the Al or Si or both, Ti-comprising RHEAs
having lower densities and superior properties to superalloys could be achieved.
Two different approaches appear to emerge. In the first approach, the solid solu-
tions of the body-centered-cubic microstructures dominate since the majority of the
refractory metals used to make these RHEA alloys are essentially BCC elements
(viz., ONS- BCC–Ti17.8, ONS-BCC–Ti 26.7, ONS- BCC–Ti18.9, ONS-BCC–Ti
27.2, ONS-BCC–Ti 27.7, ONS-BCC–Ti 27.9, NDS-BCC–Ti 25.1, ONS-BCC–Ti 20,
DBM-BCC–Ti 24.5, DBM- BCC–Ti19.4, DBM-BCC–Ti 23.9, DBM- BCC–Ti19.9,
NNG-BCC–Ti 20, ONS- BCC–Ti19.7, EF-BCC-V20–Ti 20, and EF-BCC-Cr20–
Ti 20 shown in Table 1). Each composition of these RHEAs is unique and needs
to be developed and studied for their microstructures, like a single BCC phase or
multiple BCC phases of solid solutions to provide the required properties based on
the solid solution strengthening mechanism; in general, being single or a two-phase
with no precipitates or very minimal are expected to have better thermal stability
and oxidation resistance for use for the intended high-temperature applications. The
second approach is similar to the physical metallurgy of superalloys (viz., TKT-
HSEA1-FCC–Ti 5.8, KWG-HESA2-FCC–Ti 5, HMD-HESA3-FCC–Ti 6-5H, and
HMD-HESA3-FCC–Ti 6-50H shown in Table 1) where the RHEAs have significant
volume fractions of stable, coherent γ ′′ to impart high-temperature strength [1, 9,
10]. This approach is evolving, and more alloys and data and understanding of the
mechanisms are underway by various groups.

The literature data is predominantly cast alloys subjected to thermal treatments
(to reduce chemical segregation), and only a limited few were thermomechanically
processed for microstructure evolution. Wrought microstructures with grain refine-
ment and other strengthening mechanisms should be investigated to further improve
properties in a targetedway. Further, most of the data in the literature are for compres-
sion testing, and tensile data is required, especially for a clearer picture of the ductility.
Furthermore, creep, fatigue, fracture toughness, and oxidation resistance studies are
also desirable. While there is a lot of data that is desired, the present effort would
assist in selecting the top-ranked alloys using the rankingmethodology, and thus, one
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Fig. 3 The rank consolidation by a mean and b principal component analysis (PCA) of Ti-
comprising refractory high entropy alloys evaluated by the six multiple attribute decision making
(MADM) methods. The ranking of the top three alloys by both methods match

could concentrate on some selected alloys to generate extensive data in the desired
direction. The investigation identifies a few Ti-comprising RHEAs that match the
current benchmark, and provides guidelines and directives to focus on the further
evaluation and development of the identified Ti-comprising RHEAs. Future work
will include additional diverse MADM methods for robust analyses of a broader
data set, additional properties/attributes, and Ti-comprising RHEAs in the literature.
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Table 5 The eigenvalues (and their proportion) by principal component analysis (PCA) of the
ranks of the Ti-comprising refractory high entropy alloys evaluated by the six multiple attribute
decision making (MADM) methods

PC1 PC2 PC3 PC4 PC5 PC6

Eigenvalue 5.2696 0.6314 0.0415 0.0316 0.0153 0.0106

Proportion 0.878 0.105 0.007 0.005 0.003 0.002

Cumulative 0.878 0.983 0.990 0.996 0.998 1.000

Fig. 4 The dendrogram, by hierarchical clustering (HC), of the ranks Ti-comprising refractory
high entropy alloys evaluated by the six multiple attribute decision making (MADM) methods

The focus and objective of the present work have been to rank the available
research alloys based on the limited available properties/attributes using the MADM
methodology, and recommend extensive study and generation of desired data on the
top-ranked alloys for the intended use effectively and efficiently saving time, effort,
and cost. The methodology has been demonstrated as a useful tool in this paper and
iterations of this procedure could be done as more and more research data becomes
available on the limited basic attributes on more research Ti-comprising RHEAs as
discussed.

Summary, Conclusions, and Future Work

We analyzed the basic properties of Ti-comprising RHEAs available in the current
literature by a novel combination of multiple attribute decision making (MADM)
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methods and advanced statistics—hierarchical clustering (HC) and principal compo-
nent analysis (PCA), to identify the probable competitors to superalloy 718 for aero-
engine applications. The ranks assigned by six MADMs (ARAS, MEW, OCRA,
ROVM, SAW, and WEDBA) were concordant. Simple and advanced (PCA) statis-
tical techniques consolidated the ranks of the alloys and identified the following
top three Ti-comprising RHEAs: ONS-BCC–Ti17.8 (Al20.4–Mo10.5–Nb22.4–Ta10.1–
Ti17.8–Zr18.8), EF-BCC-Cr20–Ti 20 (Ti20–Zr20–Hf20–Nb20–Cr20), andONS-BCC–Ti
27.9 (Al11.3–Nb22.3–Ta13.1–Ti27.9–V4.5–Zr20.9), in that order, as competitors to super-
alloy 718 and their derivatives. Hierarchical clustering (HC) revealed that the top
three alloys are ~85% similar—alloys have not only configurational entropy greater
than ~13.3 J/K mol but also a body-center cubic crystal structure. The top-ranked
alloy ONS- BCC–Ti17.8 (Al20.4–Mo10.5–Nb22.4–Ta10.1–Ti17.8–Zr18.8) is lighter than
superalloy 718 by~13%andhas significantly superior room temperature and elevated
temperature yield strengths. The potency of the methodology could further be tapped
by effectively and appropriately choosing the weights of the properties for specific
aeroengine turbine applications. Future work will include additional diverse MADM
methods for robust analyses, other properties, and more Ti-comprising RHEAs as
they appear in the literature. From thematerials engineering point of view, the ranking
could apparently suggest the direction to be pursued to develop body-centered cubic
structures if the extensive and rapid data generation on other desired properties on
the top-ranked alloys also falls in line with the intended application.
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An ICME Framework to Predict
the Microstructure and Yield Strength
of INCONEL 718 for Different Heat
Treatments

Taiwu Yu, Thomas Barkar, Carl-Magnus Lancelot, and Paul Mason

Abstract The superalloy INCONEL 718 stands out for its excellent manufactura-
bility and strength at ambient temperature. In most recent studies people tried to
improve themechanical properties of the alloy through adjusting different processing
conditions such as solution annealing temperature, aging temperature and holding
time, and the amount of intermediate cold work. Such studies could be expensive
and time consuming. This study aims to build a CALPHAD-based ICME frame-
work to investigate the microstructural stability and mechanical properties using the
Thermo-Calc software. The evolution of precipitates is characterized using the TC-
PRISMAprecipitationmodule paired with the TCNI12 andMOBNI6 databases. The
microstructure is simulated in terms of the nucleation and growth of the precipitates.
The precipitation of the secondary phasesγ ′, γ ′′ and δ is simulated under different
aging temperatures and their contributions to yield strength are quantified. A simpli-
fied yield strength model is applied to predict the precipitate, grain boundary and
solid solution strengthening. The quantified results show good agreement with the
experiment.

Keywords INCONEL 718 · Thermo-Calc software · Yield strength ·
Microstructure · Precipitation

Introduction

With the dramatic achievements and significant progress in the last decade, Integrated
Computational Materials Engineering (ICME) provides an unparalleled design and
manufacturing paradigm in accelerating the R&D of advanced materials. In recent
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years, the ICME tools have been widely used in the development of Ni-based super-
alloys [1–4]. These tools provide the advantage of predicting mechanical proper-
ties such as creep life [1, 2], fatigue life [4] as well as oxidation resistance [1]
while saving time and effort. As an example, Conduit et al. [5] applied a neural
network to obtain desired properties. However, there are a limited number of alloys
for whose measured properties agree with the theoretical predictions within accept-
able uncertainties. These alloys include some commercial alloys such as Udimet720,
LSHR, Rene104 and RR1000 alloys. For other alloys, the low accuracy can often be
attributed to the lack of sufficient information related to microstructure (e.g., particle
density, distribution, grain size, etc.) which is used to predict the mechanical prop-
erties. There are limited studies on the correlation between microstructure and yield
strength during heat treatment through ICME. However, with a CALPHAD-based
ICME framework exemplified in this work, it is possible to simulate the precipitation
over the allowable composition range for these alloys. This works presents the simu-
lation of the microstructure and a corresponding yield strength (YS) of INCONEL
718 (IN718 for short throughout the entire paper).

Modeling and Results

The following sections begin by discussing the CALPHAD-based thermodynamic
description that provides the foundation of this framework, followed by a simulation
of the developing microstructure in IN718 during heat-treatment, and the prediction
of mechanical properties based on this microstructure.

Thermodynamic Calculation with the CALPHAD Method

Calculation of Phase Diagrams (CALPHAD) is a proven methodology for predicting
thermodynamic, kinetic, and other properties of multicomponent material systems
[6]. The theoretical basis of phase diagram calculation rests on the fact that the
location of a phase boundary is the result of stability competition between two or
more phases. The essence of this approach is to develop thermodynamic databases
of multi-component systems using the available experimental data of lower order
systems, i.e., binaries and ternaries, using physics-based models to extrapolate and
interpolate the descriptions into the unknown parameter space. Thus, the predictive
capacity of a thermodynamic database depends on the quality of the thermodynamic
modeling and assessments of low-order systems.

Combined with the Thermo-Calc software version 2022b [7], TCNI12 was used
in this work to predict phase stabilities in IN718. Compared to previous version,
TCNI12 includes 371 binary and 431 ternary systems. TCNI12 is a self-consistent
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Table 1 The composition range of IN718 from ASM Specialty Handbook [8]

Ni Cr Nb Mo Ti Al Fe

Range (wt.%) 50–55 17–21 4.75–5.5 2.8–3.3 0.65–1.15 0.2–0.8 Bal

This work (wt.%) 54.6 19.0 5.0 3.0 0.9 0.5 17.0

thermodynamic database developed using the CALPHAD approach for the applica-
tion of Ni-based superalloys. With the CALPHAD technique an internally consistent
thermodynamic description can be obtained to describe phase equilibria through the
underlying thermodynamics of a system. Additionally, various thermophysical prop-
erties such as molar volume and thermal expansivities can also be critically evaluated
for most phases of importance to Ni-based superalloys. Some of these phases crucial
to IN718 are the primary matrix phase γ (labeled as FCC_L12#1 in the database),
the strengthening phase γ ′ (labelled as FCC_L12#2), the main strengthening phase
γ ′′ (labelled as BCT_D022) and the often unwanted phase δ (NI3TA_D0a).

The chemistry of IN718 can be found within the limits as specified in ASM
specialty handbook [8] (unit: wt.%): 50.0 to 55.0 min Ni + Co; 17.0 to 21.0 Cr;
4.75 to 5.50 Nb; 2.80 to 3.30 Mo; 0.65 to 1.15 Ti; 0.20 to 0.80 Al; 1.00 max Co;
0.08 max C; 0.35 max Mn; 0.35 max Si; 0.015 P; 0.015 S; 0.006 max B; 0.30 max
Cu; balance Fe. The composition ranges of the major elements and the composition
used for CALPHAD calculation performed during this work is shown in Table 1.
Note that the impurity elements were excluded in order to avoid minor phases and
to reduce the computational costs for the simulations.

Prior to performing any kinetic simulations, it is necessary to determine which
phasesmaybe present. To achieve this, an equilibriumcalculationwasfirst performed
with the thermodynamic database TCNI12, varying the composition shown in Table
1 and temperature ranging from 600 to 2000 ◦C. The result is shown in Fig. 1a. This
shows the formation of secondary phases δ, σ and γ’. However, as can be seen, under
equilibrium conditions, the γ ′′ phase, which is often observed in the literature [9–12],
is not present. The reason for this, is that γ ′′ is ametastable phase. By excluding the δ,
P,σ, andη-Ni3Ti phaseswhich are kinetically less favored in the calculations shown in
Fig.1b, it canbeseen thatγ ′′will thenappear.Thecalculatedsolvus temperaturesofγ ′
and δ in a full equilibrium are 820 ◦Cand 1002 ◦C, respectively. The calculated solvus
temperature of δ phase shows good agreement with the experiment (around 1000 ◦C)
[13, 14]. However, it is reported that at temperature 900 ~ 920 ◦C, γ ′ precipitates still
exist with γ ′′ precipitates [15]. Figure 1b indicates the solvus temperature of γ ′ and
γ ′′ are 886 ◦C and 927 ◦C, respectively, which agrees well with the experiments [15,
16].
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Fig. 1 Volume fraction of different phases as a function of temperature a all phases available; b
with suspension of δ, P, σ, and η phases

Precipitation Kinetics Simulations

In addition to the thermodynamic database referenced above, the kinetic simula-
tions also requires a mobility database for Ni-based superalloys to be selected. In
this case, MOBNI6 is used as this is compatible with TCNI12. Here compatibility
means that the descriptions of elements and phases are identical in both databases
and the mobility parameters have been optimized using TCNI12, i.e., the thermo-
dynamic factors required during the optimization of mobility parameters against
experimental interdiffusion or intrinsic diffusion data were calculated based on the
thermodynamics in TCNI12. MOBNI6 contains descriptions for the atomic mobility
of the γ (FCC), γ ′ (FCC ordered) and liquid phases.

The precipitation add-on module to Thermo-Calc, TC-PRISMA, has been devel-
oped based on Langer-Schwartz theory [17], and adopts the Kampmann-Wagner
numerical (KWN) method [18] for concurrent nucleation, growth, and coarsening of
dispersed precipitate phases. Employing particle size distribution (PSD) f (R, t)
in terms of particle size (as radius R) and time (t), the approach proceeds by
simultaneously solving the continuity equation

∂ f (R, t)

∂t
= − ∂

∂R
[v(R) f (R, t)] + j(R, t) (1)

where v(R) is the growth rate and j(R, t) is the nucleation rate. The mass balance
equation between matrix and precipitates is described as

Cm
0i = Cm

i (t) + [
C p
i (t) − Cm

i (t)
]

∞∫

0

4π

3
f (R, t)R3dR (2)
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where Cm
0i is the initial alloy composition (mole per unit volume) of solute element

i, and C p
i (t) and Cm

i (t) are the instantaneous precipitate and matrix composition of
solute element i, respectively.

The nucleation model is based on classical nucleation theory [19, 20] and in this
work, a spherical morphology of the γ ′ phase and platemorphology of γ ′′ is assumed
for the simulation.

The oblate spheroid (plate) morphology is described as

x21
l2

+ x22
l2

+ x23
r2

≤ 1l > r (3)

with an aspect ratio α = l
r > 1, where x1, x2, x3 are the coordinates of point on

the surface and l is the horizontal radius of the oblate and r is the thickness of the
spheroid.

Several studies have shown that aspect ratio varies as a function of particle size
[21, 22]. The ratio becomes larger with increasing particle size. According to Moore
et al. [22], for the γ ′′ particles with an average particle length larger than 50 nm,
a good approximation of the average aspect ratio is 5. Therefore, the aspect ratio
was here assumed to be 5 and held constant during the precipitation. For the plate
morphology of γ ′′, Eshelby’s theory [23, 24] was adopted to calculate the elastic
strain energy efficiently. The calculation of elastic strain energy is also derived byWu
et al. [25]. According to Devaux et al. [21], the coherency strain of γ ′′ is calculated
as εT11 = εT22 = 6.67 × 10−3 and εT33 = 2.86 × 10−2.

By combining the thermodynamic (TCNI12) and kinetic (MOBNI6) databases
available for Thermo-Calc with additional property data (e.g., interfacial energies
and nucleation site densities), we have the necessary data input for TC-PRISMA,
through these simulations, the temporal evolution of mean radius, number density,
volume fraction, and size distribution of secondary phase precipitates is acquired.
The nucleation rate and precipitate composition can also be obtained during the
simulation. Coupled with relevant microstructure-propertymodels, the Thermo-Calc
Software can be used to estimate the change of mechanical properties of alloys upon
aging or tempering.

There are many studies in which TC-PRISMA has been applied to study the
precipitation kinetics of steels [26–29] and Ni-based superalloys [25, 30–34]. In a
study by Fahrmann and Metzler [30], only γ ′ is simulated and discussed, whereas in
IN718, there are γ ′, γ ′′, and δ precipitates formed during the aging heat treatment.
This work presents simulations of the precipitation of γ ′, γ ′′ and δ phases in the alloy,
including co-precipitationofγ ′ andγ ′′, usingTC-PRISMA.The simulations adopts a
mean-field approach that assumes uniform elemental distributions in the pre-existing
matrix phase, and carbides and other minor phases have not been considered.

The precipitates γ ′ and γ ′′ form during aging of the supersaturated γ matrix,
where increased solute mobility allows for localized elemental segregation. The γ ′′
phase, however, is metastable at room temperature and can transform from bct into an
orthorhombic δ phase (Ni3(Nb,Ti)) during periods of prolonged heating or exposure
to sufficiently high temperatures. Therefore, to optimize the interfacial energy at
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Fig. 2 Relationship between aging time and a the diameter of γ ′′ circular plate at 700 ◦C and
750 ◦C; and the b mean radius of γ ′ during aging at 700 ◦C, 725 ◦C and 750 ◦C, compared with
literature data [21, 39, 40]

aging temperature between 700 ~ 750 ◦C, only the γ ′ and γ ′′ precipitates have been
considered.

Figure 2 compares the experimental measurement of mean particle sizes and
simulations byTC-PRISMA.The figure presents the variation ofmean plate diameter
of γ ′′ as a function of aging time at temperature 700 ◦C and 750 ◦C (Fig. 2a), and
mean radius of γ ′ during aging at 700, 725 and 750 ◦C (Fig. 2b). The fitted interfacial
energy between γ andγ ′ is −9.43 ∗ 10(−5) ∗ T + 0.11131 J/m2 and the interfacial
energy between γ andγ ′′ is a constant 0.014 J/m2 which is within the range of values
in literature [21, 35].

The time-temperature-precipitation (TTP) diagram of the system was then calcu-
lated. To conduct the simulation, the interfacial energy between γ and δ is -
0.0003*T+0.438567 J/m2 where T is the temperature. The TTP diagrams of two
different systems are simulated: 1. the system with γ ′ and γ ′′ precipitates is shown
in Fig. 3a; 2. The system with γ ′, γ ′′ precipitates in bulk and δ precipitates in the
bulk and at grain boundaries is shown in Fig. 3b. In both systems, the nucleation site
density is set as 1020m−3. In the second system, the wetting angle of grain boundary
is set as 70 ◦. As a comparison, Brooks and Bridges quantified experimental TTP
diagrams [36] as shown in dashed line in Fig. 3; there are a few more empirical TTP
diagrams available in literature, but this one was selected because it is the only one
to separate the curves for onset of γ ′ and γ ′′ formation. The simulation shows good
qualitative agreement with the empirical diagram. The upper limits to TTP curves of
γ ′′, γ ′ and δ correspond to 825 ◦C, 850 ◦C and 875 ◦C (for bulk), or 825 ◦C (for grain
boundary). The quantified limit of γ ′′ shows good agreement with the experiment,
while the limit of γ ′ is overestimated (800 ◦C in the experiment [36]) and the limit
of δ is underestimated (925 ◦C for bulk and grain boundary in the experiment [36])
for the bulk and grain boundary.
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Fig. 3 Calculated TTP diagram which a γ ′ and γ ′′ precipitation start; b γ ′, γ ′′ and δ precipitation
start. Both with experimental curves reproduced from Brooks and Bridges [36]

Figures 4 and 5 show the variation of volume fraction of precipitates as a function
of aging time. In Fig. 4, at relatively low temperature (720 ◦C), the volume fraction
of γ ′ and γ ′′ after aging is predicted to be 5.7% and 11.3%, respectively, after 200 h,
which is consistent with the results measured by Oblak et al. [37], e.g. 4.75% for γ ′
and 14.25% for γ ′′. The difference could be attributed to the heterogeneity of the
microstructure and composition in the alloy or error in experimental measurements
(e.g. 2D projection through TEM foil thickness).

Moreover, for relatively high temperatures (800 ~ 875 ◦C), predicted volume frac-
tions of γ ′, γ ′′ and δ are shown in Fig. 5. As can be seen from Fig. 5a at 800 ◦C, γ ′′
phase is predicted to precipitate first, and its volume fraction reaches over 9% within
1h.During theagingprocess,γ ′′precipitatesdecompose in favorof theγ ′andδ phase.
The required time for decomposition decreases with increasing aging temperature to
520hand150hat825and850 ◦Crespectively (Fig.5bandc).At875 ◦C,onlyδ phase is
predicted to precipitate (Fig. 5d). This result shows good agreementwith experiments
[14, 38], which shows that γ ′ and γ ′′may dissolve at 900 ◦C.

Calculation of Yield Strength

The yield strength (YS) model implemented within Thermo-Calc estimates the yield
strength and hardness of a material for a given temperature T that is used to evaluate
the equilibriumstate of the system, and the resulting compositions andphase fractions
which are then used in the evaluation of the mechanical properties. It returns the
calculated yield strength at room temperature for the specified material using the
phase equilibria evaluated at temperature T (i.e., the state at T is frozen-in).
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Fig. 4 Relationship between aging time and the volume fraction of γ ′ (red line) and γ ′′ (blue line)
at 720 ◦C

The yield strength model, as implemented considers the following contributions:

• Intrinsic strength (σi ) for the pure elements
• Intrinsic strength, σi , is the base strength as evaluated from linear combination

of the pure elements’ strength. The value is derived from the handbook values of
the pure elements or related reference [41] which is implemented in Thermo-Calc
software.

• Grain boundary strengthening (σgb)
• The grain boundary strengthening, σgb, is the contribution to the total strength

stemming from the grain boundary’s ability to hinder dislocation movement
described by the Hall–Petch relation [42]. The parameters are the Hall–Petch
constant kh−p, in MPa · μm

1
2 , and the average grain diameter is assumed as 100

μm. In this study, the matrix grain growth was not considered.
• Solid solution strengthening (σss)
• The solution strengthening, σss , is the contribution to total strength due to the

elastic strains in the crystal lattice caused by alloying elements of a lattice param-
eter differing from the main constituent. For the solid solution strengthening the
option of evaluating the strength at any temperature is available. The result is
normalized with respect to the sum of all mole fractions for FCC, BCC and HCP.
This option uses the phase fractions and compositions calculated at the overall
equilibrium temperature. The model by Walbrühl et al. [43] is implemented.

• Precipitation strengthening (σp)
• The precipitation strengthening, σp, is the contribution to total strength due to

precipitation of a secondary phase, e.g., gamma prime in Ni-base alloys. This
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Fig. 5 Relationship between aging time and the volume fraction of γ ′, γ ′′ and δ at a 800 ◦C b
825 ◦C; c 850 ◦C; d 875 ◦C, respectively

model is available for any number of precipitating phases. The total particle
strength is calculated by the square mean of the individual particle strength

contributions: σp =
√

σ 2
p1 + σ 2

p2 + · · · σ 2
pn

where σpi (i = 1, 2, . . . n) is the precipitation strengthening of precipitate i.
For precipitation strengthening, the simplified model was adopted in this work,

which is based on themodel developed by Zander et al. [44]. Themodel considers the
general mechanisms of cutting and loopingwithout regard to any detailed dislocation
mechanisms. The relationship between precipitation hardening σp and r is given by

σpi = M

b
·
√
3 f

2π
· (
2βGb2

) ·
(
1

rc

) 3
2

· √
r , r < rc (4)

σpi = M

b
·
√
3 f

2π
· (
2βGb2

) · 1
r
, r ≥ rc (5)
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Fig. 6 Results of aSimulated average length forγ ′phase (radius) andγ ′′phase (circular-equivalent
diameter) as a function of aging time and b YS with optimized parameters strengthening constant:
kp and critical radius: rc. The experimental data is from Special Metals IN718 datasheet [46]

where M is the Taylor factor, r is the mean particle radius, G is the shear modulus, b
is the Burgers vector and f is the volume fraction of the precipitates. β is a constant.

Here M
b ·

√
3 f
2π · (

2βGb2
)
is treated as strengthening constant kp and critical radius

rc. The value of kp and rc can be optimized using the experimentally measured YS
values.

Here we take one example as follows: aging at 718 ◦C or 8 h, furnace cool to
620 ◦C then hold for total aging time of 18 h. The mean particle sizes of γ ′ and
γ ′′ as function of aging time is shown as Fig. 6a. After 18 h’ aging, the average
sizes of γ ′′ and γ ′ are around 30 nm and 7.5 nm, respectively. It is reported that
in Ni base superalloy the strengthening benefit of the γ ′′ outweighs that of γ ′ on a
normalized volume fraction basis [45]. Therefore, only the strengthening benefit of
γ ′′ is considered for precipitation strengthening. The fitting parameters kp and rc of
the simplified model are 9.55×10−6MPa · m and 2.88×10−9 m for γ ′′. The grain
size is assumed as 100 μm. The results with optimized fitting parameters are shown
in Fig. 6b.

The predicted yield strength shows goodwith the experiment [46]. At low temper-
atures (0 ~ 600 ◦C), the YS is underestimated, which could be caused by (1) the
strengthening effects of γ ′ precipitates; (2) possible defects induced by hot roll
according to the reference; (3) experimental measured error.

Summary

In this study, the precipitation of γ ′, γ ′′ and δ in the alloy IN718 has been simu-
lated for different aging temperatures to predict a corresponding yield strength
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using a CALPHAD-based ICME framework accessible in the Thermo-Calc software
package.

With this framework, the equilibrium volume fraction and solvus temperature of
the precipitates γ ′, γ ′′ and δ was predicted. Interfacial energies were optimized to
reproduce coarsening data for γ ′ and γ ′′ from literature. This was used together with
adjusted nucleation site densities to calculate a TTP diagram for the formation of γ ′,
γ ′′ and δ. The provisional results show a promising agreement with the experiments.
There is ongoing work to further improve the simulated precipitation of γ ′, γ ′′ and
δ phases, in order to predict the optimal precipitation strengthening conditions.

To calculate the yield strength, a simplifiedmodel was usedwhich includes contri-
butions from the intrinsic strength, grain boundary strengthening, solid solution
strengthening, and precipitation strengthening. The predicted yield strength shows
good agreement with handbook data. In the future the effects of processing on IN718
will be investigated.
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Factors Influencing Propensity for Stress
Relaxation Cracking in Inconel® Alloy
740H® and Practical Guidance
for Applications

John Shingledecker, John Siefert, Tapasvi Lolla, John Dupont,
Jack deBarbadillo, and Ronnie Gollihue

Abstract Inconel® alloy 740H® (UNSN07740)was the first age-hardenable nickel-
based alloy approved by the ASME Boiler and Pressure Vessel Code for use in
pressure-boundary applications. In recent years, advanced energy systems such as
supercritical CO2 power cycles have utilized alloy 740H in large demonstration
projects driven by the requirement for higher fluid temperatures and pressures. Stress
relaxation cracking (SRxC) following post weld heat treatment (PWHT), also known
as strain age cracking (SAC), has been identified in a limited number of weldments
during these industrial builds resulting in focused research to further clarify factors
influencing this cracking tendency. This paper will summarize some of the findings
from shop and field fabrication leading to successful welds and characteristics of
observed SRxC. Laboratory experiments supported by microstructural characteriza-
tion will be presented to highlight the importance of variables such as strain, material
starting condition, and PWHT temperatures. Finally, the results will be summarized
within the context of practical guidance for industry to successfully weld thematerial
in boiler, heat exchanger, and piping applications.
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Introduction

Inconel® alloy 740H® (UNS N07740), herein referred to as alloy 740H (nominal
composition in Table 1), was the first age-hardenable nickel-based alloy approved
by the ASME Boiler and Pressure Vessel Code for use in pressure-boundary appli-
cations. It was originally developed as a coal-fired boiler tubing alloy for advanced
ultrasupercritical (A-USC) steam applications. Over the past ~20 years, the alloy
has been optimized for weldability and high-temperature stability, approved for
use in different applications, and the number of product forms and manufacturing
processes demonstrated now includes the required product forms needed tomanufac-
ture complex high-temperature components or systems. These product forms include
thin-wall tubing, heavy wall piping, cold-formed and induction bends, seam welded
piping, fittings, forging, sheet, etc. [1]. Figure 1 shows a timeline of the alloy develop-
ment includingkey research topics, technical developmentmilestones, and successful
code qualification activities. The development of a supply chain combined with the
advantageous properties of the alloy (high-temperature creep strength, oxidation and
corrosion resistance, etc.) have resulted in the alloy being specified for use in new
high-temperature power cycle demonstration projects as shown in Table 2.

Nickel-based alloys may be susceptible to a number of weldability challenges [2,
3]. A 2018 review of the weldability and performance of high-strength nickel-based
alloys to enable advanced power systems proposed that alloy 740Hwas generally not

Table 1 Alloy 740H nominal composition (wt%)

C Ni Fe Cr Mn Si Mo Co Al Ti B Nb + Ta

0.06 Bal. 0.7 24.5 0.3 0.15 0.1 20 1.35 1.35 0.001 1.5

1998 2000 2002 2005 2008 2010 2012 2015 2017 2020 2022

“Thermie Alloy”

Characterization & 
testing
Initial weldability
Alloy optimization

Successful 75mm 
thick weldment

Expand supply chain 
(bends, fittings)
Field construction

A-USC

First 740 Tube

sCO2

CSP

740H Introduced ASME CC2702 
(Section I) B31.1 CC190

B16 Case7 ASME Section VIII

Long-term Testing
Fabrication
Heavy-Section Welding
Field Testing

Component 
Demonstrations

Large-scale supply
Shop fabrication
Demonstration

Test Loops
New product forms (welded tubes)
New applications (compact HXs)

Plant Barry Steam 
Loop Completed NETPower Build & Demo

STEP 
Build & 
Demo

Largest Ni-Based 
Extruded Pipe

Sunshot Turbine Test
Start of U.S. DOE 
A-USC Project

Fig. 1 Development timeline for alloy 740H including major milestones and applications (CC =
code case, A-USC = advanced ultrasupercritical, sCO2 = supercritical carbon dioxide, CSP =
Concentrating Solar Power)
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Table 2 Demonstrations utilizing 740H

Years Name Description Product forms Approx. Scale

2011–15 Plant Barry
Steam Loop

760 °C + Steam
+ 2 yr operation

Tubing (~50 mm
diameter)

<20 m of tubing

2014–16 Sunshot Turbine
Test

700 °C +
microtube HX and
connecting piping

6.35 mm dia.
tubing, piping

25 m of piping,
6,000 m of tubing

2017-current NET Power
Demonstration

700 °C direct-fired
sCO2 test facility

Piping, bends,
forgings

~10,000 kg overall

2018-current STEP Heater 50 MWth natural
gas fired sCO2
heater

Tubing, piping,
forgings

~25,000 kg overall
~6,100 m of tubing

STEP Piping 715 °C, 250 bar
sCO2 piping
system

Heavy wall piping
(200–250 mm
dia.), bends and
elbows

~17,000 kg overall
~150 m piping
26 bends/elbows

2019–2022 A-USC
Fabrication
Demonstrations

Shop and field
erection study for
full-scale A-USC
header assembly

Heavy-wall piping,
header, induction
bends

~39,000 kg ingot

susceptible to fusion zone solidification cracking, and had minimal risk of liquation
cracking if proper alloy chemistry control and welding practices were used, but the
risk for stress relaxation cracking (SRxC) during post weld heat treatment (PWHT)
or high-temperature service also known as strain age cracking (SAC) was a poten-
tial concern which required further evaluation [4]. The complexities of the SRxC
damage mechanism require a specific combination of a susceptible microstructure,
the presence of stress (typically a residual stress fromwelding), and high-temperature
exposure in a specific temperature range and time to cause relaxation of the imposed
stress by cracking. The resulting SRxC is thus sensitive to the component design,
fabrication practice, and application [5]. In 2018, when this review was written,
SRxC had not been observed in 740H, but at that time, most of the practical welding
experience on the alloy was restricted to laboratory studies, industrial qualification
activities, and relatively limited demonstrations resulting in 10’s of welds. Today,
as shown in Table 2, tons of 740H products including km of tubing and piping
have now been produced and welded as part of several completed and ongoing large-
scale demonstrations with thousands of welds now successfully executed. This paper
provides insights into the occurrence of the SRxC in some of these projects, high-
lights recent laboratory work to explore some of the variables leading to SRxC, and
provides recommendations to reduce the risk of SRxC in the future for alloy 740H.
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Industry Welding Experience

Overall, the experience with alloy 740H welding has been very good. A large variety
of section thicknesses from 1.65 mm (0.065-in.) autogenous laser welds to a 94 mm
(3.70-in.) thick multi-pass narrow-groove hot-wire gas tungsten arc weld (GTAW)
and all sizes in-between have been successfully fabricated in industrial fabrication
shops [6]. Field welding of nickel-based alloys requires proper welder training and
skill, and with training and oversight, multiple organizations have demonstrated field
welding of tubing and piping using GTAW processes. To capture these experiences
and identify challenges, EPRI hosted an industry workshop in 2021 for alloy 740H
users to share experiences [7]. While the majority of the experience was positive,
a few instances of cracking after PWHT had been identified by users which are
described in more detail below.

The U.S. DOE Supercritical Transformational Electric Power Project (STEP
Demo) is constructing a multi-user facility as a 10 MW electric advanced pilot
project to advance the development and deployment of supercritical carbon dioxide
(sCO2) power cycles [8]. A key component of the overall facility is the gas-fired
heater which is designed to enable sCO2 cycle conditions of 276 bar (4,000 psig) at
>700 °C (1,292 °F). The high-temperature heater coil is the largest known applica-
tion of alloy 740H designed, fabricated, and stamped to ASME Boiler and Pressure
Vessel Code Section I. The heater required ~25,000 kg (55,000 lbs.) of alloy 740H
including ~6,100 m (~20,000 feet) of tubing [9].

After post weld heat treatment of the coil assembly, cracking was identified in
a small percentage of tube butt welds. A detailed metallurgical investigation was
undertaken on a population of samples removed from the heater to determine the
failure mechanism with more details in [10]. A comprehensive characterization of
the cracking involving non-destructive evaluation and advancedmicroscopymethods
indicated SRxCduring postweld heat treatmentwas the operative failuremechanism.
Table 3 provides a list of the key alloy 740H components in the STEP Demo fired
heater, the number of welds conducted, and the number of SRxC cracks observed
through field failures and non-destructive evaluation. All failures occurred after
PWHT in the thin-wall tubing and Fig. 2 provides a summary of the observed damage
in this application. The cracks characterized in the laboratory showed initiation at the
weld toe region, intergranular propagation, minimal branching or extensive damage
removed from the main crack, and propagation through the base metal, heat affected
zone (HAZ), and/or weld metal depending on the orientation. Detailed characteriza-
tion confirmed high strain was present at the crack initiation site, Fig. 3, leading to
the rapid formation of precipitate free zones (PFZs) during the ~4-h PWHT, Fig. 4.
Prior observations of PFZs had only been previously observed in long-term creep
tested weldments after exposure in the 100 s to 1,000 s of hours [11].

Other incidences of SRxC have been identified including multiple transverse
cracks in a pipe-to-pipe weld near a pipe wall thickness transition, Fig. 5, and exten-
sive cracking in the socket weld, forged block, and tubing of an instrumentation port
in a small diameter piping system, Fig. 6. In both instances, the cracking occurred
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Table 3 Alloy 740H welding experience for the STEP Demo fired sCO2 heater [10]

Type Description Cracking/nde
indications

Total number
fabricated

Failure rate (%)

Thick-wall End Plates 0 4 0

Flange-to-header 0 2 0

Thin-to-thick Tube-to-header 0 292 0

Dissimilar 740H–347H 0 4 0

Thin-to-thin Tube-to-tube butt
welds

39 1,296 3.0

Repairsa 0 87 0

Total 39 1,685 2.3

a Repairs included pup piece installations for 39 cracks/indications (2X repair welds), 3 segments
removed for additional NDE verification (2X repair welds) plus 3 sacrificed welds during repairs
(1X repair welds)

Fig. 2 Cross-sectional etched micrographs for one side of a SRxC in an alloy 740H tube-to-tube
weldment around the circumference showing crack initiation at the weld toe (#4), crack growth
from weld toe through the HAZ and weld (#3 and #2), and no cracking (#1)

Region showing fine 
equiaxed grains 
around crack tip

Strain in 
matrix

Region with 
Recrystallized 
grains

Fig. 3 SEM image near weld toe showing a region of fine equiaxed (recrystallized) grains
coincident with crack tip surrounded by strained grains in the matrix (channeling contrast)
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PFZ

’

500 nm2 µm20 µm

Fig. 4 SEM images at 1,500X (left), 15,000X (middle), and 100,000X (right) showing microstruc-
ture ahead of SRxC initiation site including precipitate free zones (PFZ) along the grain
boundaries

1 mm

Weld

Pipe Body

Fig. 5 ~325mmdia., 7.8mmwall thickness pipeweld near a pipewall thickness transition showing
axial cracking in the weldment consistent with SRxC

after PWHT, was intergranular with minimal branching, and microstructural inves-
tigations found the occurrence of discontinuous coarsening along grain boundaries
leading to PFZ regions where relaxation damage and cracking accumulates.

Assessment of Contributing Factors for SRxC

There are many contributing factors that need to be considered for SRxC. These can
largely be classified as material, thermal history, and stress state. Based on the alloy
740H experience and failure analysis reports, available laboratory data, and knowl-
edge of similar alloys, a group of experts were asked to rank their opinion on themost
important variables to consider leading to SRxC of alloy 740H. Table 4 shows these
results with general agreement that the stress state (from residual stresses, constraint,
and deformation) was playing a significant role in the observed failures with some
disagreement on the importance of thewelding process, PWHTconditions, bulk alloy
chemistry (within the 740H specification range), and overall weld quality. Based
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Radial
Crack in 

Block

Root pass

Crack below 
toe of weld

Through wall 
crack (radial)

Cross-Section 5 
- toe of socket 
weld

Discontinuous 
coarsening

3µm

a b c

Fig. 6 Die penetrate inspection a shows multiple cracks in the socket weld, block forging, and
tubing of an instrumentation port for all three welds. The metallographic cross-section b shows
cracking in the weld toe, tubing through-wall cracks, and cracks extending into the block forging.
The scanning electron microscopy images in c show the discontinuous coarsening reaction ahead
of a crack tip

on this feedback, a limited laboratory study using a Gleeble™ thermo-mechanical
simulator was conducted on 3 different heats of 740H evaluating variables including
strain (stress) level, PWHT temperature, and starting material condition [12]. While
a detailed discussion on the specific test methods andmaterials is beyond the scope of
this paper, the methodology utilized followed previous work by Kant and DuPont’s
study establishing general alloy susceptibility to SRxC including alloy 740H [13].

Figure 7 (left) shows a typical result confirming the expert review where a strong
dependency on the stress state was observed. In this experiment, for a single heat of
the material, 0–4% strain did not cause sample failure (macro cracking) but strain
levels above 4% induced sample fracture during relaxation. Heat-to-heat variability
was identified in the laboratory tests.As an example, Fig. 7 (right) showsfive different
heats of alloy 740H subjected to the same relaxation testing method. Only two of
the heats exhibited macro cracking and failure. In this test method, microcracking
can occur in the sample which may not lead to fracture or failure of the test so there
may be relaxation cracks in other samples which can only be assessed via post-test
investigation. In comparing the composition of the five heats, it appears sulfur (S)
is of particular importance to relaxation cracking. It is well established that high-
temperature ductility, in the range of 700 to 900 °C (1,292 to 1,652°F), of nickel-based
alloys can be greatly reduced due to segregation of S to grain boundaries even at levels
as low as 9 ppm [14–18]. Minimizing the segregation of S to grain boundaries has
been shown to improve weldability and reduce cracking occurrences in nickel-based
alloys [19]. Magnesium (Mg) is one element commonly added to control S in nickel-
based alloys [20, 21]. For the study conducted, one of the two heats which cracked
had higher S resulting in a very low Mg/S ratio (less than 1), whereas other heats,
more representative of today’s commercial practices for alloy 740H, had ratios >6. It
should also be noted that an optimally designed melting/remelting practice is neces-
sary to avoid the potentially embrittling effects of excessive retained and uncombined
Mg and S and that the processing of different product forms may have a role in the
local grain boundary structures and cracking susceptibility. Overall, these results
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Table 4 Results of an expert solicitation on SRxC variables in Alloy 740H

Expert Solicitation (1–4 ranking, 1 =
highest to 4 = lowest)

Factor Variable A B C D Sum

Material Composition Bulk
Composition

4 2 2 2 10

Local
Composition

3 1 2 3 9

Grain size 4 3 3 4 14

Processing and heat
treatment history

3 2.5 3 2 10.5

Thermal
history

Welding process Filler Metal 3 4 4 4 15

Heat-Input 2 2.5 4 2 10.5

Multi-pass
welding

3 2.5 1 2 8.5

Pwht Temperature 2 2 2 2 8

Heating Rate
and/or
Control

2 2 4 3 11

Service conditions Temperature 4 2 4 4 14

Time 4 2 4 4 14

Stress Residual stress 1 1 4 1 7

Deformation/working
process

1 1 1 1 4

Constraint 1 1 1 1 4

Service induced 4 1 4 4 13

Welding
quality

Techniques 1 4 2 3 10

Training 1 4 1 3 9

suggest Mg and S may account for some of the heat-to-heat differences in SRxC
and deserve further attention in future work. Currently, the chemistry requirements
are generally controlled by the fact that the alloy is still patented and manufactured
by a single producer. Thus, the control of stress state appears to be the most crit-
ical controllable factor for SRxC risk mitigation. However, as more suppliers with
different melting practices produce the alloy, chemistry and processing may need to
be more thoroughly assessed beyond the comments noted regarding the importance
of the Mg and S content.
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800oC PWHT Gleeble SRxC Test Results: 
Effect of Strain on Single Heat (Heat C)

800oC PWHT Gleeble SRxC Test Results: 
Heat-to-heat variability

Heat ID 2016 2018 A B C

Product Form Plate Plate Tubing Plate Extruded Pipe

Mg (wt%) 0.0022 0.0053 0.0062 0.0032 0.0013

S (wt%) 0.0025 0.0004 0.001 0.0005 0.0003

Mg/S 0.88 13.3 6.2 6.4 4.3

Fig. 7 Gleeble™-based SRxC experiment for a single heat of Alloy 740H (left) showing relaxation
without failure for 0, 2, and 4% strain but sample failure at 4.75 and 5.5% strain and (right) the
heat-to-heat variability

Guidance

EPRI is creating technical requirements and guidelines to provide purchasers and
end users the opportunity to enhance purchase specifications for alloy 740H and to
reduce the variability in the fabrication or operation of alloy 740H components or
systems [22]. A key part of these recommendations includes comprehensive welding
guidance. The qualification of a welding process and welder to ASME Section IX
will not guarantee success. Welding of nickel-based alloys and alloy 740H require
guidance that goes beyond the minimum requirements given in the code of construc-
tion. The basic guidance for alloy 740H can be found in [23]which addresseswelding
technique and training including the following:

• Cleanliness
• Fluidity & penetration
• Bead shape
• Shielding gas selection
• Heat input, pre-heating, and interpass
• Weld reinforcement

The field findings and research suggest additional practical considerations are
required to reduce the risk of SRxC. These are as follows:

1. Avoid excessive reinforcement and other local geometric changes which lead to
high localized stresses.

Figure 8 shows an example of excessive reinforcement resulting in a high stress
location on the tube ID.When combined with the residual stresses fromwelding, this
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location initiated the crack which propagated through the wall thickness. For manual
welding, providing favorable access and appropriate training and/or experience with
nickel-based welding is critically important. Alternatively, automated welding may
reduce the propensity for such features.

2. Joint location and fabrication sequence should be considered in the design.
This is especially true for manual welding to provide ease of access, reduce
local constraints, minimize alignment requirements, and/or the introduction of
excessive welding residual stress.

In the STEP Demo heater example (Table 3), the failed tube butt welds were biased
to the return end of the heater. All of the non-return end welds were conducted on
a table with favorable welder access. Conversely, as shown in Fig. 8, welder access
was limited, especially as welding progressed. Furthermore, as shown in the figure
insert, the closure welds often required ‘jacking tubes into place’ to align the two
tubes. Such practices should be avoided and/or prohibited.

R13-W20

3.6 mm
+120%

1.6 mm
+50%

Fail

Fig. 8 Example of excessive reinforcement leading to a stress concentration at the toe of the weld

Fig. 9 Example of challenging welder access and highly restrained closure welds which superim-
pose additional stresses to the welding residual stresses during the welding process [10]
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3. Do not place welds at thickness transitions which can lead to high localized
stresses in the weldment

Transition pieces should be utilized to avoid placing welds at thickness transitions
where the difference in stiffness can lead to increased localized stresses. This is true
for tubing or piping applications. Special design or fabrication considerations must
be given to transitions that occur between dissimilar materials to alloy 740H.

4. Block fittings, intersections or valves must be avoided.

It is relatively commonplace to procure block forgings that are subsequently
machined into fittings, intersections or valves with minimal OD machining or
contouring. Figure 10(a) shows a different view of the failure in Fig. 6. While a
detailed model was not constructed, it is likely the large block tee piece acted as a
heat sink during welding, thus requiring the welder to compensate with excessive
heat input. Additionally, the non-symmetric shape of a thin tube into a solid block
likely led to additional stresses upon cooling. Figure 10(b) shows an improved design
where OD machining provided a more uniform circumferential thickness and elimi-
nated the socket weld in favor of a full penetration butt weld. Figure 10(c) shows the
completed new instrument attachment which did not crack after PWHT and is now
in operation.

5. The sequence for volumetric inspection

Inmany cases of SRxC, the fabricator or enduser performed inspections afterwelding
was complete only to discover failures that are believed to have originated after
PWHT during a hydro acceptance test. While some inspection after welding should
be performed to identify if gross defects are present andmore easily remediated prior
to PWHT, it is recommended to perform a comprehensive inspection after PWHT as
the origination of the majority of recent cracking has been attributed to SRxC.

Fig. 10 Original instrument ‘block tee’ design (a), a re-designed contoured tee (b), and the final
fabricated tee which did not show any cracking (c)
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Summary

740H is a commercial nickel-base alloy attracting strong interest to enable the design,
fabrication, and operation of advanced, high-temperature power cycles and technolo-
gies. Its recent application in a number of demonstration facilities has confirmed that
the alloy can be welded and fabricated into complex components of varying sizes.
Stress relaxation cracking (SRxC) during PWHT has been identified through these
demonstrations, and, similar to other austenitic materials, is a legitimate concern.
The cracking case studies reviewed in this manuscript provided supporting metallur-
gical investigations and targeted laboratory studies. This information, in addition to
industryworkshops and collation of recent experience, is leading to the first-of-a-kind
document to disseminate the necessary practical guidance to reduce the uncertainty
and variability in future installations requiring this material.
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Mechanical and Microstructural
Properties of Brazed Honeycomb Liner
Material Haynes 214

Jonas Vogler, Jieun Song, Jakob Huber, Rainer Völkl, and Uwe Glatzel

Abstract Abradable honeycomb sealing systems are widely used in turbines to
improve efficiency and thus reduce carbon dioxide emissions. The honeycomb
sealing systems are produced by brazing together nickel-based superalloy sheets
with a nickel-based brazing metal. This investigation aimed to generate data on
the mechanical performance of Haynes 214 metal sheets brazed with the nickel–
chromium-silicon filler metal BNi-5 (71 wt.% Ni, 19 wt.% Cr, 10 wt.% Si). Tensile
properties of brazed metal sheet composites are tested. Interdiffusion zones and hard
particles with high chromium contents are observed along the brazed joint. Even a
very thin brazing layer reduces the ductility considerably.

Keyword Brazing · Haynes 214 · Honeycomb Nickel-based superalloys

Introduction

Honeycomb sealing systems are used in aircraft turbines to minimize air leakage in
the gaps between rotating parts and the turbine casing to improve efficiency and thus
reduce carbon dioxide emissions [1]. In addition, the honeycomb structure protects
the fins of the rotating turbine blades from critical damage in the case of a contact
caused by thermal or mechanical expansion [2].

The honeycombs themselves are point welded thin metal sheets of a nickel-based
superalloy brazed onto a substrate usually made too of a nickel-based superalloy
(Fig. 1). During the brazing process, capillary forces draw braze filler alloy into gaps
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Fig. 1 Honeycomb seal manufacturing schematic: a corrugated half-hexagon structure, b spot-
welding and c honeycomb structure brazed onto the carrier plate

between the metal sheets. Additionally, the braze filler alloy can travel up to the
rubbing surface at the outer faces of the honeycomb cells [3].

The formation of hard and brittle phases due to the chemical composition of the
braze filler alloy can deteriorate the mechanical properties of the abradable sealing
[3]. Additionally, the original chemistry of the base alloy can be altered, thus influ-
encing the oxidation behavior [4]. A detrimental influence of the increased contact
surface area with the rotor fin can also be expected.

For the low-pressure turbine with temperatures of up to 1100 °C, Haynes 214
is a commonly used honeycomb liner material [2]. At these temperatures, alumina-
forming alloys are more suitable than chromia-forming alloys. For Haynes 214metal
sheets, thermo-physical properties can be found in the literature [4–7]. However, for
the honeycomb sealing systems, the mechanical properties of brazed Haynes 214
metal sheets are highly relevant. Therefore, this study compares the microstructure
and the mechanical properties of Haynes 214 metal sheets before and after brazing
with the braze filler alloy BNi-5. Compared to other nickel-based braze filler alloys
BNi-5 has a higher solidus temperature, hence it is very well suited for brazed parts
operating at high temperatures.

Experimental Methods

In this work, the nickel-based superalloy Haynes 214 is selected as the base material
since it is widespread for turbine seal honeycomb applications [2]. Haynes 214 is
a nickel–chromium-aluminum-iron alloy with excellent oxidation resistance devel-
oped for high-temperature applications. It can be age hardened at temperatures below
925 °C [5].

Honeycomb seals are typically brazed with nickel- or cobalt-based braze filler
alloys since the sealing has to withstand high temperatures of up to 1100 °C [2]. A
commonly used braze filler alloy is BNi-5 (AMS4782). The liquidus temperature
of BNi-5 is 1135 °C [8]. The nominal compositions of Haynes 214 and braze filler
alloy BNi-5 are given in Table 1.

The rolled and annealed tape of Haynes 214 alloy was supplied by Elgiloy
Specialty Metals. The alloy was cold-rolled and solution-annealed at 1095 °C for 2 h
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Table 1 Nominal chemical composition (wt.%) of the Haynes 214 metal sheets and the brazing
filler alloy BNi-5 used [5, 8]

Element Ni Cr Si Al Fe Mn, Mo, Ti, W

Haynes 214 75 Bal 16 <0.2 4.5 3 <0,5

BNi-5 71 Bal 19 10

and rapid air-cooled. For the tensile tests metal sheets with a thickness of 0.6 mm
were used.

For the brazed samples two Haynes 214 metal sheets with the dimension of 145×
28 mm and an average thickness of 0.29 mm were brazed together by the Listemann
AG. A BNi-5 brazing foil with a thickness of 0.04 mm is used to join two Haynes
214 metal sheets in a lap joint geometry. The samples were placed on level ground.
A graphite plate was placed horizontally on top of the samples to ensure a uniform
brazing clearance. The brazing is performed under vacuum (<10–2 Pa) at a temper-
ature of 1170 °C with a holding time of 15 min. Subsequently the samples were
furnace cooled to 900 °C (~5 °C/min) and then rapidly cooled to room temperature
with a cooling rate of 20 °C/min.

Mechanical testing of the brazed sandwich structure is performed on a Zwick Z2.5
universal testing machine at a crosshead speed of 0.05 mm/s. Strain is measured with
a video extensometer with an accuracy of ~ ± 0.0025% [9]. Specimens were taken
with electron discharge machining. The gauge length of the specimen is 5 mm with
a width of 0.9 mm. Microhardness (Fischerscope HM 2000) on the polished cross-
sections is measured by applying 50 mN force. At least 30 hardness indents were
recorded for each specimen tested.

Microstructure studies were carried out using scanning electron microscopy
(SEM), element distribution analysis was performed by energy-dispersive x-ray
spectroscopy (EDS), and grain sizes were determined using electron backscattering
diffraction (EBSD).

Results

The as-delivered Haynes 214 metal sheets with a thickness of 0.29 mm have an
equiaxed grain structure with an average grain size of 28 μm. After the brazing, the
average grain size increases to ~ 330 μm. The grain size distribution is shown in
Fig. 2. The number of grains throughout the thickness of the metal sheet is strongly
reduced to less than six grains.

Figure 3 shows the as-brazed microstructure. The dashed red lines indicate the
initial thickness of the brazing foil (40 μm). In Fig. 3a, an annular BSE detector was
used to identify phases with different chemical content. The brazing layer almost
completely dissolved during the brazing process since the elements from the brazing
filler alloy diffuse into the base material. Thus, a dark appearing phase can be seen
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Fig. 2 Grain size distribution before (blue) and after brazing (red)

in the brazing region and at the grain boundaries. No cracks and pores are detected.
Hence the BNi-5 brazing foil is very well suited to join samples with the geometry
used in this study. The EBSD orientation map in Fig. 3b shows grains and twinning.
It also becomes clear that grain growth is interrupted at the centerline.

The EDS results of the chemical composition in the brazing region are shown
in Fig. 4. A silicon-rich diffusion affected zone with a width of ~ 50 μm can be
identified in the EDS mapping. Furthermore, precipitates in the middle of the joint
region and along the grain boundaries are clearly visible. The chemical composition
shown in Table 2 was obtained by averaging of seven EDS point measurements in the
precipitates. The chromium content is high with about 88 wt.%, whereas aluminum
and iron content are low compared to the Haynes 214 base metal.

200 µm

(b)

200 µm 

(a) 

111 

101 001 

Fig. 3 Microstructure of the Haynes 214 alloy after brazing with BNi-5 a Backscattered electron
image and b EBSD orientation map
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Table 2 Mean value from the EDS point measurements (wt.%) of the phase or precipitate
respectively marked in Fig. 4

Element Ni Cr Si Al Fe B, C

Wt.% 7 88 <0.2 <0.2 <0.2 <2

Fig. 4 EDS mapping in the brazing joint region

The microhardness of the brazed Haynes 214 metal sheets slightly increases from
3062 N/mm2 to 3337 N/mm2. The chromium-rich phase in the joint region has a
high hardness of over 6500 N/mm2.

The stress–strain curves for the Haynes 214 metal sheets with a thickness of
0.3 mm and for the Haynes 214 metal sheets brazed with BNi-5 are given in Fig. 5.

The data obtained for the Haynes 214 metal sheets are slightly lower than the
values provided by Haynes International, Inc. [5]. The values for the yield strength,
the ultimate tensile strength and the elongation at fracture are summarized in Table
3.
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Fig. 5 Stress–strain curves of Haynes 214 metal sheets and lap brazed metal sheets
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Table 3 Tensile properties of Haynes 214 metal sheets and lap brazed metal sheets at room
temperature

Yield strength at 0.2%
offset (MPa)

Ultimate tensile
strength (MPa)

Elongation at fracture
(%)

As-Brazed 521 794 18

Haynes 214 (this study) 497 903 36

Haynes 214 [5]*
*Cold-rolled and
solution-annealed sheet
with a thickness of 2.0
to 3.0 mm

577 975 37

Discussion

A silicon rich diffusion affected zone, typical when BNi-5 is used as braze filler
alloy, is identified by EDS mappings. The width of the diffusion affected zone is
influenced by the brazing temperature and time [10]. In literature [10–12] the eutectic
reaction L ↔ (Ni) + Ni5Si2 + Cr3Ni5Si2 is confirmed in the Cr-Ni-Si ternary
system. According to Han et al. [10] the typical microstructure of BNi-5 consists
of γ-Ni solid solution, Ni5Si2, G-phase, Ni3Si and Cr3Ni5Si2. In this study highly
chromium-rich precipitates at the grain boundaries and in the brazing region are
detected. The chemical composition of the chromium-rich precipitates is not consis-
tent with the previously published literature. Reasons for this may be the use of a
very thin braze metal foil and a different brazing strategy (temperature and time)
in this study. Furthermore, the base metal too influences the microstructure in the
brazing region. For Haynes 214 brazed with BNi-5 no published literature can be
found.

Interestingly, the yield strength for the brazed Haynes 214 metal sheets is
increased, meaning the resistance against plastic deformation is higher for the brazed
metal sheets. Additionally, the hardness of the brazed Haynes 214 metal sheets is
slightly increased. This is due to the brazing heat treatment causing residual stresses
and a change in the chemical composition due to elemental diffusion from the braze
filler alloy into the base material. In contrast to the yield strength, the ultimate tensile
strength is, on average, reduced by roughly 100 MPa. The reduced ultimate tensile
strength is mainly attributed to the precipitates forming in the brazing region and
along the grain boundaries. These chromium-rich precipitates cause stress concen-
trations in the lap brazed metal sheets, which strongly decrease the elongation at
failure from 36 to 18%.

To obtain optimal mechanical properties, it is crucial to prevent the formation of a
hard chromium-rich phase in the brazing region. The precipitate volume fraction can
be reduced by reducing the amount of brazing filler alloy or subsequent aging heat
treatment. However, in honeycomb sealing systems, a sufficient amount of brazing
filler alloy is necessary to guarantee good structural stability between the honeycomb
and the carrier plate (see Fig. 1). Nevertheless, it is possible to reduce the amount of



Mechanical andMicrostructural Properties of BrazedHoneycombLiner… 451

brazing material at the contact surface with the rotor by modifying the component
geometry or by using a pack aluminide coated base material [13].

Summary and Conclusion

In thiswork, the influence of the filler alloyBNi-5 on themicrostructural andmechan-
ical properties of lap-brazed Haynes 214 superalloy metal sheets was studied. Near
the joint region, a silicon diffusion affected zone with a thickness of about 50 μm
is formed. Furthermore, particles of hard chromium-rich phases are observed in the
joint region and along grain boundaries. After the brazing process, the grain size is
drastically increased.

The yield strength of the brazed metal sheet is higher than the yield strength of
the Haynes 214 base metal. However, the elongation to failure of the brazed metal
sheet is considerably reduced from 36 to 18%.

Despite using an extremely thin brazing foil with 0.04 mm thickness, the mechan-
ical properties, particularly the elongation to failure, are negatively affected. This is
especially unfavorable when the brazed part, like a honeycomb abradable sealing
system, is exposed to mechanical loads.
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Effect of Heat Treatment
on the Mechanical Property
and Deformation Mechanism of a Novel
Cast Nickel-Based Superalloy

Pengfei Zhao, Min Wang, Meiqiong Ou, Yingche Ma, and Kui Liu

Abstract The microstructure, mechanical properties, fracture behavior, and defor-
mationmechanisms of a novel cast nickel-based superalloy subjected to various aging
treatments were investigated. The microstructure of this new alloy K4800 consists
of γ, MC, M23C6, and the γ′ in two sizes after conducting a heat treatment of solu-
tion annealing and double-stage aging. It is found that an initial higher temperature
aging process is beneficial and somewhat necessary to optimize the tensile and creep
properties of the alloy. The strength of alloy K4800 rises with the volume fraction
of small-sized γ′ phase; meanwhile, the precipitation of large-sized γ′ phase has
a desirable impact on the elevated temperature ductility of the alloy. However, the
existence of large-sized γ′ phase may accelerate the ripening process of γ′ phase and
decrease of creep life of alloy K4800. Therefore, accurate control of the content and
proportion of the γ′ phases in two sizes is the key to obtaining an optimal mechanical
property of K4800. TEM microstructure investigations show that the main strength-
ening mechanisms of the alloy are APB cutting at room temperature and Orowan
bypassing at high temperature. Additionally, based on the results of a long-term aging
experiment at 800 °C up to 2000 h, the material is not expected to precipitate any
undesirable phase like σ or η, exhibiting an outstanding microstructural stability.

Keywords Nickel-based superalloy · Precipitation · Mechanical property ·
Deformation mechanism · Heat treatment

Introduction

Nickel-based high-temperature alloys have become the material of choice for vital
hot-end components in aero-engines and gas engines because of their excellent high-
temperature creep resistance, decent high-temperature oxidation and corrosion resis-
tance, and good microstructural stability [1–3]. With the increasing thrust-to-weight
ratio of engines and the development of integral casting technology, the structures
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of aero-engine hot-end components are becoming increasingly complex. There-
fore, nickel-based high-temperature alloys with better temperature-bearing capac-
ities, especially the ones also possessing good welding and casting properties, are
needed in the development of advanced aero-engines [4]. In the present work, a
newly-developed cast nickel-based superalloy K4800 is studied, which has excellent
mechanical properties and microstructural stability at 800 °C.

The mechanical properties of cast nickel-based high-temperature alloys depend
highly on their microstructural features, such as grain size, and the size, volume
fraction, morphology, and distribution of precipitates [5–8]. γ′ phase is the main
strengthening secondary phase of nickel-based superalloys. The matrix γ phase and
γ′ phase have lattice constants slightly different from each other, and an elastic
stress field can be easily generated at the interface of the two phases [1, 3], which
hinders dislocation movement. Unlike many other nickel-based high-temperature
alloys which are strengthened by the γ′ phase with uniform particle size, the strength
of alloy K4800 is provided by the γ′ particles in a bimodal size distribution. Heat
treatment is an important process to control the precipitation characterization of
γ′ phase. Through carefully designing the parameters of aging heat treatment, a
microstructure with the γ′ phase in various sizes can be obtained. It is well-known
that the size of γ′ phase increases with aging temperature and time, and coarse γ′
particles can form in an over-aging regime or at high aging temperatures. Xu et al.
found that the large size of theγ′ phase precipitated at high temperaturewas beneficial
to dislocation movement and improved alloy plasticity. Sharma et al. also found that
multiple ageing treatments could obtain multi-scale γ′ phases, improving the tensile
strength, tensile plasticity, and high-temperature stress ruptured life of alloy [9–10].

As a new alloy, the effects of heat treatment regime on the microstructure and
mechanical properties of alloy K4800 are not fully understood. Besides, the strength-
ening mechanism of multiple-scale γ′ phase in this alloy is yet to be investigated in
detail. Therefore, in this work, alloy K4800 was aged at different temperatures, and
tensile and creep tests were conducted. Microstructures of heat-treated and frac-
tured specimens were investigated and the strengthening mechanism of the alloy
was analyzed.

Experimental

Experiments were conducted using cast alloy K4800 test bars, which were fabri-
cated by the investment casting method in a vacuum induction melting furnace. The
chemical composition of alloy K4800 was determined by an ICP6300 spectrometer,
as listed in Table 1. The Thermo-Calc software was used to depict the precipitation
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Table 1 The chemical composition of alloy K4800 (wt.%)

wt.% C Cr Co W Mo Al Ti Nb B Ni

K4800 0.11 17 9.5 2.0 1.5 1.5 3.2 2.7 0.01 bal

Table 2 The equilibrium volume fraction of γ′ phase at different temperatures

Temperature, °C 1100 1090 1060 1030 800

Volume fraction, vol.% 0 0.1 7.8 13.8 35.4

behaviors of secondary phases in alloyK4800 between 500–1500 °C. Four heat treat-
ment conditions (T1–T4) were designed based on the calculated equilibrium phase
diagram (Table 2):

T1:1180°C × 4 h.AC + 1160°C × 4 h.AC + 1030°C × 2 h.AC + 800°C × 16 h.AC
(Air Cool).

T2:1180°C× 4 h.AC+ 1160°C× 4 h.AC+ 1060°C× 2 h.AC+ 800°C× 16 h.AC.

T3:1180°C× 4 h.AC+ 1160°C× 4 h.AC+ 1090°C× 2 h.AC+ 800°C× 16 h.AC.

T4:1180°C× 4 h.AC+ 1160°C× 4 h.AC+ 1100°C× 2 h.AC+ 800°C× 16 h.AC.
All of these four heat treatment conditions consisted of a homogenization process,

a solution process, and the first and second step aging processes. Heat treatments
T1 to T4 were only different in the temperature of the first-step aging, ranging from
1030 to 1100°C. Names of the specimens heat-treated following those four methods
were designated as T1–T4 directly.

Heat-treated barsweremachined into specimenswith a gauge length of 30mmand
a gauge diameter of 5 mm. At least two samples were prepared for each mechanical
test. Tensile testswere carried out at both room temperature (RT) and 800 °C,which is
the highest normal service temperature of this alloy. During the tests, the temperature
variation was maintained within ± 2 °C, and the initial strain rate before yielding
was controlled to 3 × 10−4 s−1. Microstructures were characterized by a ZEISS
MERLIN Compact scanning electron microscope (SEM) and an FEI Talos 200X
scanning transmission electronmicroscope (STEM) equippedwith energy dispersive
spectroscopy.TEMdiscs no thinner than 450μmin thicknesswere cut from the gauge
section of specimens perpendicular to the loading direction.After beingmechanically
ground to about 45 μm, thin foils with a diameter of 3 mm were punched out and
prepared by a twin-jet electropolishing machine with a solution of 10 vol.% HClO4

and 90 vol.% C2H5OH at 19 V and − 22 °C. Most of the dislocation configuration
observations were conducted in a STEMbright field (BF)mode. The size and volume
fraction of γ′ phase in the alloy were calculated using the ImageJ-Pro software.
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Results and Discussion

Microstructure

Thermodynamic calculation software was employed to predict the equilibrium phase
diagram of alloy K4800, as shown in Fig. 1. In this diagram, the weight fractions of
phases are given as a function of temperature. The γ phase and liquid phase coexist
within the temperature range of 1270–1340 °C, and their weight fractions change
with temperature. Figure 1a indicates that no γ′ phase can form at a temperature
higher than 1100 °C, and when below 1100 °C, the weight fraction of γ′ phase
increases with the decrease in temperature.

Furthermore, according to the calculated diagram Fig. 1b, the volume fraction of
γ′ phase increases dramatically at the beginning of its precipitation at the temperature
near 1100 °C. The equilibrium precipitation volume fraction of γ′ phase is about 0.1
vol.% at 1090 °C. However, as the temperature descends to 1060 or 1030 °C, the
volume fraction of γ′ phase increases significantly to 7.8 and 13.8 vol.%, respectively.
During an aging process above 1000 °C, γ′ phase is expected to precipitate in large-
sized particles due to the low nucleation rate in this condition [8]. At 800 °C, the γ′
phase volume fraction is calculated to be 35.4%. As it can be seen from Fig. 1a, at
temperatures below800 °C, the equilibriumprecipitation content ofγ′ phase becomes
roughly steady, and at these relatively low temperatures, the precipitation size of γ′
phase is generally small.

The heat-treated microstructures of specimens T1–T4 are quite similar, and the
microstructure of specimen T3 is given in Fig. 2 as an example. It can be seen that
the grains are generally equiaxed and a large number of MC carbides precipitate
within the grains in the forms of block, rod, or skeleton. In addition, blocky MC and
granular M23C6 carbides are found on the grain boundaries, as presented in Fig. 2d.
The grain size of the alloy was calculated to be 640± 175μm, using the intersection
method on the Disc IAS image analysis software.
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Fig. 1 The equilibrium phase diagram of alloy K4800 for a all phases and b γ′ phase



Effect of Heat Treatment on the Mechanical Property and Deformation … 457

Fig. 2 Grain and carbide morphology of the heat-treated specimen T3 observed by a-b OM and
c-d SEM

Figure 3 shows the precipitations of γ′ phase in the specimens T1–T4. It can be
seen from themicrographs that the precipitation characterizations in these specimens
are quite different. The γ′ particles in specimens T1–T3 precipitate in a bimodal size
distribution, whereas in specimen T4, they are in a uniform size. The heat treatment
conditions of specimens were only different in the temperature of the first-step aging
process in which the large γ′ phase generate. A prior solution was employed to
produce a supersaturatedmatrix preparatory to the subsequent aging bydissolving the
minor phases precipitating during casting. The γ′ phase with a large size precipitated
during the first-step aging process at a temperature lower than the prior solution but
higher than 1000 °C. In contrast, the γ′ phase precipitated in the following lower-
temperature aging step was generally small. For the convenience of explanation, the
γ′ phase with a larger size formed at high temperatures is named as the γ1

′ phase,
and the small γ′ particles precipitated at 800 °C are named as the γ2

′ phase.
In order to accurately acquire the size and content ofγ′ phase, TEMmicrographs of

the specimens in four different heat treatment conditions were employed in measure-
mentsbyusing the ImageJ-Prosoftware, and the results are listed inTable3.Higher the
aging temperature, the larger the size and less theprecipitation content ofγ1

′ phase.As
the first-step aging temperature increases from 1030 to 1090 °C, the volume fraction
of γ1

′ phase decreases from 32.5 to 4.3 vol.%, while the volume fraction of γ2
′ phase

increases from 9.2 to 30.4 vol.%. In addition, the average size of γ1’ phase increases
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Fig. 3 SEM observations on γ′ phase in the specimens a T1, b T2, c T3, and d T4

from about 273 to 356 nm and the average size of γ2
′ phase rises from 45 to 52 nm.As

to specimen T4, no γ1
′ phase forms, and the volume fraction and average size of γ2

′
phase is 37.1 vol.% and 63 nm, respectively.

At a temperature slightly lower than the solution temperature of γ′ phase, the
precipitation undercooling is small and consequently, the nucleation rate of γ′ phase
is low. Besides, at a high temperature, the alloying elements are rich in the matrix and
their diffusion rates are high. As a result, the average size of γ1

′ phase in specimen T1
is the largest among the four kinds of specimens, meanwhile, the content of γ1

′ phase
in T1 is the lowest. The precipitation of γ1

′ phase will consume a certain number
of alloying elements and then decrease the precipitation content of γ2

′ phase. If the
precipitation of γ1

′ phase is numerous, accordingly, the amount of the small-sized
γ2

′ phase that precipitates in the subsequent aging process will be insufficient due

Table 3 The volume fraction and average particle size of γ′ phase in specimens

Specimen Volume fraction, vol.% Average particle size, nm

γ1
′ phase γ2

′ phase γ1
′ phase γ2

′ phase
T1 32.5 9.2 273 45

T2 17.7 17.1 28 49

T3 4.3 30.4 356 52

T4 / 37.1 / 63
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to the lack of γ′ forming elements. For specimen T4, because there is no γ1
′ phase

precipitates, the size of γ 2
′ phase is the largest among specimens under the most

sufficient solute supply.

Tensile Property and Strengthening Mechanism

Figure 4 shows the tensile strength and ductility of specimens T1–T4 tested at room
temperature and 800 °C. It can be seen that the room temperature (RT) yield strength
(YS) and ultimate tensile strength (UTS) of specimen T1 reach 835 and 1090 MPa,
respectively, while the RT YS and UTS of specimens T2, T3, and T4 increase grad-
ually. The RT YS of specimen T3 increases to 942 MPa, while specimen T4 exhibits
the highest YS of 958 MPa. It seems that the RT YS of the alloy increases with the
first-step aging temperature of the specimen. However, the aging temperature has
little effect on the RT tensile plasticity of the material. The difference in elongation
and reduction in the area among specimens is not significant.

When the tensile temperature is increased to 800 °C, the effect of heat treatment
on the strength of the alloy is similar to that at room temperature. The best-elevated
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Fig. 4 Tensile (a, c) strength and (b, d) ductility of the alloy K4800 heat-treated under different
conditions tested at (a, b) room temperature and (c, d) 800 °C
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temperature mechanical performance was exhibited by specimen T3, with the YS
and UTS of 775 and 915 MPa, respectively. Besides, unlike that at RT, the first-step
aging temperature also has an obvious effect on the high-temperature tensile ductility
of the specimen. The tensile elongations of specimens T1–T3 obtained at 800 °C are
no lower than 6.0%. In contrast, the elongation of specimen T4 is only about 3.3%,
which is lower than that of the other three kinds of specimens. The difference in the
high-temperature reduction in the area of material is insignificant.

Despite different aging regimes were employed, fracture surface morphologies
of the tensile specimens tested at room temperature are similar, as shown in Fig. 5.
Shallow dimples and a certain number of tearing edges can be observed on all the
fracture surfaces. In addition, no obvious secondary crack can be found on those
fracture surfaces, indicating that the primary RT tensile fracturemode of alloyK4800
can be classified as transgranular.

The fracture surface morphologies of specimens tested at 800 °C are presented
in Fig. 6. Cleavage facets and dimples can be found on these fracture surfaces, and
basically, the morphologies do not show much difference from that of the specimens
tested at room temperature. Many broken MC carbides are also witnessed on the
facture surfaces but no obvious crack is found. This result suggests that the specimens
ruptured in a transgranularmode at 800 °C as they did at room temperature, indicating
that alloy K4800 still holds a good grain-boundary strength at elevated temperature.

However, Fig. 4d demonstrates that the tensile elongation of specimen T4 is
obviously lower than that of T3 at 800 °C. Then after being given a more detailed
examination, it is discovered that the number of flat cleavage facets on the fracture
surface of specimen T4 is higher than that on T3, and the number and depth of
dimples on the fracture surface are larger for the latter as well. This implies that to
some extent intergranular failure occurred during the tensile test of specimen T4 at
800 °C, resulting in the apparent high-temperature ductility drop compared with that
of specimen T3.

Fig. 5 SEM observations on the RT tensile fracture surfaces of specimens a, d T1, b, e T3, and c,
f T4
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Fig. 6 SEM observations on the 800 °C tensile fracture surfaces of specimens a, d T1, b, e T3, and
c, f T4

The longitudinal section view of tensile fracture was revealed and displayed in
Fig. 7 Since the facture sections of specimens are quite similar in morphology, only
the micrographs of specimen T3 are given. As it can be seen from Fig. 7a, d, the
fracture surfaces of specimens are fairly flat at both room temperature and 800 °C,
and no obvious intergranular secondary cracks can be found, indicating that the
alloy ruptured in a transgranular mode at both room temperature and 800 °C. Inside
the grains, cracks can be found in the interior and vicinity of MC carbide. It is
because the MC/γ interface is a favorable location for dislocation accumulation.
When dislocations are substantially accumulated, they can induce stress concentra-
tion and subsequently lead to the initiation of micropores and microcracks. Figure 7c
shows that there are multiple micropores at the MC/γ interface. When dislocations
shear into MC carbide, they will promote the formation of internal microcracks, in
which the surroundingmicropores play the role of cracking source.With the enlarging
of uniaxial tensile stress, the internal microcracks ofMC carbides continue to expand
resulting in the fragmentation and spalling of MC carbides, which eventually leads
to the formation of intragranular cracks and the final rupture.

Figure 8 demonstrates the dislocation configurations in the specimens fractured
at room temperature, and the slip band is clearly the main deformation feature in all
specimens. The existence of slip bands instead of widespread dislocations indicates
that the deformation in thematerial is not uniformand concentrateswithin these band-
like areas. Due to the ordered structure of γ′ phase, dislocations pass the γ/γ′ interface
in pairs.During the tensile tests of the four kinds of specimens, the deformationmech-
anism of the alloy is identical (dislocation-pair cutting). Figure 3 shows the relative
contents ofγ1

′ andγ2
′ phases in specimens are different, but it seems like that this vari-

ation did not affect the deformationmechanism of the alloy. Despite that, some subtle
differences still canbenoticed. For instance, the slip bands in specimensT1andT2are
all parallel to each other, and the degree of dislocation entanglement is relatively low.
In contrast, the number of slip bands in specimens T3 and T4 is larger, and obviously,
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Fig. 7 OM and SEM observations on the longitudinal tensile fracture morphology of specimen T3
tested at a-c RT and d, e 800 °C

more than one slip system is activated. The dislocation density in slip bands becomes
higher as well. It is well-known that a greater extent of dislocation accumulation and
entanglement is conducive to hindering dislocation movement and improving the
strength of the alloy, which is consistent with the fact that the room temperature
tensile strengths of specimens T3 and T4 are higher than that of T1 and T2.

Figure 9 shows the morphology and distribution of dislocation in the specimens
tested to rupture at 800 °C. It can be found that dislocations are also confined within
slip bands as they do in the microstructure fractured at room temperature. However,
at 800 °C, dislocations tend to move forward in a way of bypassing γ′ phase parti-
cles and leaving dislocation loops around them. This phenomenon indicates that
the deformation mechanism is Orowan bypassing during the testing of the alloy at
800 °C.

Fig. 8 TEM observations on dislocation configuration in the tensile specimens of a, e T1, b, f T2,
c, g T3, and d, h T4 tested at room temperature
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Fig. 9 TEM observations on dislocation configuration in the tensile specimens of a T1, b T2, c
T3, and d T4 after 0.2% plastic strain at 800 °C

According to the analyses above, the primary deformation mechanism of alloy
K4800 during the tensile process is dislocation-pair cutting at room temperature,
and Orowan bypassing at 800 °C. With the increase of γ2

′ phase content, the extent
of dislocation accumulation and entanglement within slip bands become more and
more severe at both room and elevated temperatures. Besides, it can be seen in Fig. 9
that most dislocations distribute around γ2

′ particles and seldom interact with the γ1
′

phase whose size is much larger. The same phenomenon can be found in Fig. 8e–h as
well. Therefore, the room-temperature andhigh-temperature tensile strengths of alloy
K4800 are both closely related to the small-sized γ2

′ phase in the microstructure. It
is obvious that the strength of the alloy rises with the temperature of first-step aging,
which decreases the content of γ1

′ phase and enhances the precipitation of γ2
′ phase.

On the other hand, although the excessively coarsened γ1
′ precipitates are detri-

mental to the strength of the alloy, specimens T1–T3 with γ′ phase in various sizes
exhibit better tensile ductility compared with specimen T4 at elevated temperature.
It is believed that the large spacings between γ1

′ particles are conducive to dislo-
cation movement, thus improving the high-temperature ductility of the alloy. This
is consistent with the work of Wang et al. [10]. Besides, it is well acknowledged
that the intergranular strength of superalloy becomes inferior to the intragranular
strength at elevated temperatures. The existence of γ1

′ phase mildly lowers the intra-
granular strength of the alloy and narrows the strength rap between the grain and
grain boundary. Under this circumstance, micropores and cracks not only initiate on
the grain boundaries, but also within grains, thus extensive grain-boundary cracking
is prevented and the high-temperature ductility of material is improved.

Creep Properties and Microstructural Stability

The creep properties of alloy K4800 were tested at 870 °C to investigate the over-
temperature performance of this alloy. Since in an over-temperature condition, gener-
ally γ′ particles in the matrix tend to coarsen in a very fast rate, which can lead to an
obvious decreae in alloy strength. The coarsening rate of γ′ particles is closely related
to the precipitation characteristic of them, which depends on the heat treatment of
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Fig. 10 Stress-rupturea life and b elongation of alloyK4800heat-treated under different conditions

the alloy. The specimens heat-treated under four different conditions were all tested
at 870 °C with a constant loading stress of 255 MPa, as demonstrated in Fig10. The
creep elongations of specimens are generally good, but the creep lives of them are
quite different. The life to rupture of specimen T1 is merely 88.9 h, while the creep
lives of T2 and T3 reach 123.3 and 152.8 h, respectively. The best creep performance
is presented by specimen T4 with a creep life as high as 196.2 h. Therefore, it is clear
from the results above that the relative precipitation content of the large-sized γ1

′
phase and the small-sized γ2

′ phase significantly affects the creep properties of alloy
K4800.

Figure 11 shows the morphology of γ′ near the fracture of the stress ruptured
specimens T2 and T3. It can be found that the γ′ particles observed have significantly
deformed and coarsened. The γ2

′ phase in specimen T2 has completely disappeared,
while specimen T3 still retains a large amount of γ2

′ phase. All the γ′ particles
regardless of size in T3 present the trace of being cut by dislocations. During the creep
test, γ′ particles with a larger size constantly grow at the expense of smaller ones.
Under this circumstance, the existence of γ1

′ phase would dramatically accelerate the
ripening process of γ2

′ phase. As a result, the distribution of γ2
′ phase becomes more

andmore sparse, so the strengthening effect of γ2
′ phase is greatly weakened, leading

to a reduction in alloy creep life. Therefore, it can be concluded that the relatively
short stress rupture lives of specimens T1 and T2 generally stem from the evident
coarsening and ripening of γ′phase. The γ′ phase in specimen T3 also coarsened to
some extent, but due to the limited precipitation of γ1’ phase, a lot of γ2

′ particles
still remain with a dense distribution till the end of the creep test. According to that,
the stress rupture life of specimen T3 is higher than that of T1 and T2. Since no γ1

′
phase precipitates in specimen T4, so this specimen has the slowest γ′ coarsening
rate and the longest stress rupture life (190 h).

Stress ruptured specimen T3was longitudinally sectioned near its fracture surface
and investigated by using OM and SEM, as shown in Fig. 12. The creep fracture
morphology of specimens T1–T4 are similar, so the micrographs of other specimens
are omitted. As it can be seen from Fig. 12, specimen T3 presents a mixed fracture
feature. Specifically, many intragranular cracks and pores can be observed near the
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Fig. 11 SEM observations on γ′ phase in the stress ruptured specimen a T2 and b T3

Fig. 12 Longitudinal microstructure of stress ruptured specimen T3

fracture surface, whereas no serious intergranular cracking is detected, which indi-
cates that alloy K4800 has a good inter-/intragranular strength balance during the
test.

The strength of alloy K4800 increases inversely with the volume fraction of γ1
′

phase, and specimen T4 shows the highest tensile and creep strengths. However, for
specimen T3, although its tensile and creep strengths are lower than T4, it has a
better elevated temperature ductility. Therefore, from a comprehensive aspect, the
co-existence of γ1

′ and γ2
′ phases can provide the alloy with a good combination of

strength and ductility.
Alloying elements such as Co, Cr, Mo, and W are added to alloy K4800. The

addition of many alloying elements enables alloy K4800 to obtain higher strength.
However, during the long-term aging process of superalloys, those alloying elements
can cause or accelerate the precipitation of harmful TCP phases like σ and η, which
will lead to the deterioration of alloy properties. Considering this, the chemical
composition of alloy K4800 was carefully designed and verified by calculations and
experiments to prevent the precipitation of TCP phase. Themicrostructural evolution
of alloy K4800 was investigated by conducting a long-term age at 800 °C. Figure 13
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Fig. 13 SEM observations on the specimen T2 aged at 800 °C for a 500 h, b 1000 h, and c 2000 h

shows SEM observations on specimen T2 aged at 800 °C for 500, 1000, and 2000 h.
It can be seen that no harmful phase precipitates during aging, which confirms the
excellent microstructural stability of alloy K4800. Besides, it is also found in the
aged specimen that the granular M23C6 carbides on the grain boundary exhibit a
tendency of growing and linking together with time. Investigations on the evolution
of microstructure and mechanical property of this alloy during long-term aging are
in progress.

For the two-stage aging strategy used in this work, the γ′ phase with a bimodal
size distribution can form in the microstructure of alloy K4800. As aforementioned,
the strength of alloy K4800 increases with the volume fraction of the small-sized γ2

′
phase. The precipitation of a large-sized γ1

′ phase can enhance the high-temperature
ductility of the alloy, but too much of them will accelerate the ripening of γ2

′ phase
and deteriorate the creep property of the alloy. In other words, the large-sized γ1

′
phase precipitated during high-temperature aging is necessary for alloy K4800 to
obtain a good combination of strength and ductility, but the content of them needs
to be controlled. Accordingly, the heat treatment regime T3, with a prior stage aging
conducted at a temperature merely 10 °C lower than the solution temperature of γ′
phase, is the most suitable one for alloy K4800.

Conclusions

The impacts of various aging treatments on themicrostructural evolution,mechanical
properties, and strengthening and fracture mechanisms of a newly-developed alloy
K4800 were investigated in the present work. Based on the present study, a two-stage
aging strategy is recommended for the microstructural and property optimization of
alloy K4800. The main results are listed as follows:

1. A prior aging at 1090 °C can induce a large-sized γ1
′ phase in the microstructure

of alloy K4800 optimizing the general precipitation characterization of γ′ phase
and enabling this alloy to possess balanced strength and ductility.

2. The existence of the γ1
′ phase can improve the high-temperature ductility of

the alloy. After the tensile and creep tests conducted at 800 °C and above,
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no obvious intergranular cracking can be found on the fracture surface and
specimens ruptured in a transgranular mode.

3. The content of the γ1
′ phase needs to be accurately controlled because that too

much of them would restrict the precipitation of the small-sized γ2
′ phase and

increase the ripening rate of γ2
′ phase, impairing the tensile strength and stress

rupture life of alloy.
4. The deformationmechanismof alloyK4800 ismainly the dislocation-pair cutting

at room temperature and the Orowan bypassing at 800 °C insensitive to the
presence of the γ1

′ phase.

References

1. Reed R.C. (2008) The Superalloys: Fundamentals and applications [M]. Cambridge University
Press, Cambridge, UK.

2. Williams J.C., Starke E.A.. (2003) Progress in structural materials for aerospace systems[J].
Acta Materialia, 51: 5775-5799.

3. Schulz U., Leyens C., Fritscher K.. et al. ( 2003). Some recent trends in research and technology
of advanced thermal barrier coatings[J]. Aerospace Science and Technology, 7: 73-80.

4. Xu J, Zhang M J,Tang J, et al. (2018) Influence of solution treatment on microstructure and
stress rupture properties of K439 nickel-base superalloy [J]. Atlas. J. Mater. Sci.,3(6):78

5. Cheng K Y, Jo C Y, Jin T, Hu ZQ. (2010) Influence of applied stress on the γ′ directional
coarsening in a single crystal superalloy. Mater Des;31:968–71.

6 Moshtaghin RS, Asgari S. (2003) Growth kinetics of γ′ precipitates in superalloy In 738LC
during long term aging. Mater Des;24:325–30

7. Sun F., Gu Y.F., Yan J.B., et al. (2016) Tensile deformation-induced dislocation configurations
at intermediate temperatures in a Ni-Fe-based superalloy for advanced ultra-supercritical coal-
fired power plants[J]. Journal of Alloys and Compounds, 657: 565-569.

8. Xu Y.L., Yang C.X., Ran Q.X., et al. (2013). Microstructure evolution and stress-rupture
properties of Nimonic 80A after various heat treatments[J]. Materials and Design, 47: 218-226.

9. Sharma K.K., Banerjee D., Tewari S.N. (1988) Effect of reverse-aging treatment on the
microstructure and mechanical properties of Nimonic alloys[J]. Materials Science and
Engineering A,104: 131-140.

10. Wang J, Zhou L, Sheng L, Guo J. (2012) The microstructure evolution and its effect on
the mechanical properties of a hot-corrosion resistant Ni-based superalloy during long-term
thermal exposure. Mater Des;39:55–62.



Microstructural Stability
and Strengthening Mechanism
of a Ferritic Fe–Cr–Ni–Al Superalloy
Containing Cuboidal B2 Nanoparticles
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Abstract Development of Fe-based superalloys is highly demanded for both scien-
tific interests and broad applications. Generally, the mechanical properties of tradi-
tional alloys strengthened by carbides and Laves phase, etc., are degraded after
long-term operation at HTs (>923 K) due to microstructural instability. Consid-
ering that the superiority of Ni-based superalloys benefits from their unique coherent
microstructure, the coherent precipitation of cuboidal B2 nanoparticles will certainly
improve the HT microstructure and mechanical properties of Fe-based superalloys.
In the present work, we developed a new Fe-based superalloy with cuboidal B2-
NiAl nanoparticles coherently-precipitated into BCC matrix, which has not been
reported. This alloy exhibits an excellent microstructural stability at 973 K with a
slow particle coarsening rate, which is ascribed to the moderate lattice misfit (ε =
0.24 ~ 0.67%) between BCC/B2. Also, it is the cuboidal B2 nanoprecipitation that
renders the current alloy with yield strength of σYS = 238 ~ 258 MPa at 973 K.
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Introduction

Ferritic stainless steels (FSSs) have been widely used into high-temperature (HT)
applications due to their high thermal conductivity, low thermal expansion, promi-
nent mechanical properties, as well as good economy [1–4]. Theses conventional
FSSs are generally strengthened by carbides (Cr23C6 and MC, M = Nb, Ti, V, etc.),
Z-CrNbN, and Laves phase (Fe2M) [1–5]. However, the creep resistance of those
alloys could degrade in long-term operation at HTs (above 923 K), which is ascribed
to the microstructural instability, i.e., the rapid coarsening of carbides induced by
the non-coherency with body-centered-cubic (BCC) ferritic matrix [1, 2]. Luckily,
the outstanding superiority of Ni-based superalloys at HTs is primarily attributed
to the unique microstructure of ordered γ’-Ni3Al (L12-Cu3Au type) nanoparticles
coherently-precipitated in theFCC-γmatrix, resulting in unparalleledHTmechanical
strength and creep resistance even at the temperature exceeds 1073K [6, 7]. In partic-
ular, the cuboidal L12-γ’ nanoprecipitation could enhance the service temperature
of single crystalline superalloys up to 1373 K (~0.9 of melting point) [8]. Similarly,
the coherent precipitation of ordered B2 nanoparticles in the BCC matrix would
undoubtedly improve the HT microstructural stability and mechanical properties of
FSSs.

Recently, it has reported that sphericalB2-NiAl nanoparticles could be coherently-
precipitated in theBCCferriticmatrix inFe-10Cr-10Ni-6.5Al-3.4Mo-0.25Zr-0.005B
(weight percent, wt. %, designated as FBB8) alloy by intentionally tailoring the
composition, exhibiting a higher microstructural stability than non-coherent precip-
itation strengthened FSSs at 973 K [9–11]. Intriguingly, the further addition of 2 wt.
% Ti into FBB8 could produce cuboidal B2-NiAl/L21-Ni2AlTi hierarchical nano-
precipitates, in which the L21-Ni2AlTi is another highly-ordered phase of BCC solid
solution [12–14]. This significantly enhances the tensile yield strength from original
120 up to 280 MPa at 973 K due to the cuboidal nanoprecipitation, which is much
higher than that (160 MPa at 973 K) of conventional F82H FSS (Fe-8Cr-2W-V)
strengthened by incoherent carbides [14, 15]. It is emphasized that the formation of
spherical or cuboidal nanoprecipitates is closely related to the latticemisfit ε between
these two coherent phases, in which a small ε(ε < 0.2%) corresponds to a spherical
nanoprecipitation, a lager ε (ε > 1.0%) leads to a basket-like microstructure, and
only an appropriate ε promotes the cuboidal B2 nanoprecipitation [16–18]. Thus,
the cuboidal B2/L21 and spherical B2 is mainly ascribed to the larger ε = 0.7%
and the smaller ε = 0.06% in FBB8 alloys with and without Ti, respectively [10,
12, 19]. However, the addition of Ti would deteriorate the resistance to oxidation
since Ti accelerates the internal oxidation due to high oxygen permeability at HTs
[20]. Therefore, to develop novel FSS strengthened by cuboidal B2-NiAl precipitates
would be fascinating for many structural applications at HTs.

Actually, it is difficult to tailor the BCC/B2 lattice misfit to a moderate value for
cuboidal nanoprecipitation due to a much larger composition difference between
them, where BCC/B2 always exhibits a weave-like microstructure [21, 22]. In
previous work, we designed a series of multi-component alloys in light of the cluster
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composition formula of Al2M14 (M presents different combinations of Fe, Co, Ni,
and Cr), showing a coherent microstructure with cuboidal B2 nanoprecipitates in the
BCC matrix [16, 23]. Here, by setting the M as M14 = Fe10Ni2Cr2, we can get the
composition of Al2(Fe10Ni2Cr2) (= Fe-12.5Cr-14.1Ni-6.5Al, wt. %), which is an
FSS alloy according to the Cr- and Ni-equivalence in stainless steels [24]. Moreover,
Mo andWas slowly diffused element could inhibit the coarsening of B2 particles due
to segregate to the BCC/B2 interfaces [25]. The addition of Mo could increase the
lattice constant of the BCC matrix, leading to a favorable reduction of the BCC/B2
lattice misfit [25, 26]. Moreover, as slow diffusing elements, Mo andW could inhibit
the coarsening of B2 particles due to their segregation on the BCC/B2 interfaces
[10]. Hence, a minor amount of Mo and W is substituted for Cr in above compo-
sition with a specific ratio of Cr to (Mo + W) = 8/1 (in molar fraction). A trace
amount of Zr and B should also be added to improve the ductility of high-strength
steels through enhancing grain boundary cohesion for prevention from the intergran-
ular fracture [27, 28]. Based on all above considerations, the optimal composition is
final determined as Fe-10.9Cr-13.9Ni-6.4Al-2.2Mo-0.5W-0.04Zr-0.005B (wt. %) to
achieve BCC/B2 coherent microstructure with cuboidal B2 nanoprecipitates. Then,
the BCC/B2 microstructural evolution with the aging time at 973 and 1073 K will
be investigated, in which the coarsening behavior of cuboidal B2 nanoparticles will
be discussed. The mechanical properties of this alloy at both room temperature and
973Kwill be studied, where the high strength will be discussed via the strengthening
mechanism.

Experimental

The current alloy ingots with a weight of 100 g were prepared by arc melting and
suction cast into a 6 mm-diameter cylindrical copper mold under an argon atmo-
sphere. The purities of raw metals are 99.999 wt. % for Al, 99.99 wt. % for Fe, Ni,
Zr, and B, 99.9 wt. % for Cr, Mo, and W. The chemical homogeneity of the ingot is
improved by electromagnetic stirring. The cast ingot was solid-solutioned at 1473 K
for 2 h in amuffle furnace, during which they were sealed in a vacuum tube to prevent
oxidation. Finally, these solid-solutioned specimens were aged at 973 K for different
periods of time (up to 200 h). Each heat-treatment was followed by water quenching.
The crystalline structures of alloy specimens at different treatments were identi-
fied using a Bruker D8 X-ray diffractometer (XRD) with the Cu Kα radiation (λ =
0.15406 nm). The microstructure was examined using Olympus optical microscopy
(OM), Zeiss Supra 55 scanning electron microscopy (SEM), JEM2100F FEG scan-
ning transmission electron microscopy (STEM). The etching solution for OM and
SEMobservation was composed of 5 g FeCl3 · 6H2O+ 25mlHCl+ 25ml C2H5OH,
and the TEM specimens were prepared by twin-jet electro-polishing in a solution
of 10% HClO4 + 90% C2H5OH (volume fraction) at a cryogenic temperature of
243 K. The chemical composition was analyzed using SHIMADZU electronic probe
micro-analyzer (EPMA) and Super-X energy dispersive. The melting temperature of
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the current alloy was determined on NETZSCH STA 449F3 Differential Scanning
Calorimetry (DSC) at 10 K/min. The statistical analysis of the volume fraction and
size of precipitated particles and the grain sizes at different heat-treated states were
measured from the SEM/OM morphology images (at least 6 images) employing the
ImageJ software [29]. The mean radius (r) of precipitates is calculated from the
traced areas using a circular-equivalent, i.e., r = √

(area/π).
Uniaxial tensile tests were conducted on aUTM5504Material Test System (MTS)

with a heating furnace. The tensile tests were performed at a nominal strain rate of
1 × 10–3 s−1 at 973 K, in which the gauge dimension of tensile samples is 5 × 1.5×
26 mm (width× thickness× length), and three samples for each heat treatment were
tested. Microhardness of different heat-treated samples was tested with a HVS-1000
Vickers hardness tester under a load of 500 g for 15 s, in which at least 10 indents
were taken to obtain an average value.

Results

Microstructural Characterizations

The chemical composition by EPMA is Fe-(11.08± 0.15)Cr-(11.85± 0.08)Ni-(5.90
± 0.08)Al-(2.19± 0.02)Mo-(0.51± 0.03)W-(0.04± 0.02)Zr-(0.004± 0.003)B (wt.
%), which is close to the nominal composition. As shown in Fig. 1, the melting
temperature of the current alloy is determined to be ~ 1679 K by DSC, which is
comparable to that (1698 K) of the austenitic stainless steel 304 (Fe-18Cr-9Ni-0.07C
wt. %) [30]. Figure 2 shows the XRD patterns of the current alloy at different heat-
treated states, in which all the alloy specimens consist of primary BCC solid solution
plus B2 phase (characterized by a weak (100) diffraction peak). The lattice constants
of two phase were then calculated, being aBCC = (0.2877 ± 0.0042) nm and aB2 =
(0.2887 ± 0.0047) nm, respectively. Moreover, the lattice misfit calculated with the
equation of ε = 2 × (aB2−aBCC)/(aB2 + aBCC) [31] could increase from ε = 0.24%
in 0.5 h-aged sample to ε = 0.67% in 1000 h-aged sample with prolonging aging
time, in which the average value is about ε ~ 0.35%.

The OM image (Fig. 3 in Supplementary materials) of the alloy in solid-solution
state indicates that the alloy matrix is constituted of coarse ferritic grains with a size
of 300 ~ 500 μm, where no second-phase particles appear on grain boundaries.
The precipitation of B2 nanoparticles in different heat-treated states are observed
by SEM and presented in Fig. 4a-f, from which it is found that cuboidal nanopar-
ticles with a radius of ~ 30 nm are uniformly distributed in the ferritic matrix in
the solid-solution state. Besides, there still exist ultra-fine spherical nanoparticles
with a size of 3 ~ 5 nm (Fig. 4a), which might be caused by secondary precipitation
duringwater-quenching [32]. After aging at 973K, the ultra-fine nanoparticles disap-
pear. Moreover, these cuboidal nanoparticles are gradually regular with prolonging
the aging time. In particular, the radius of these cuboidal B2 precipitates increases
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Fig. 1 DSC curve for the
current alloy, in which the
solidus temperature is Tm ~
1679 K
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gradually form ~ 37 nm for 0.5 h-aging to ~ 78 nm for 100 h-aging (Fig. 4b–c).
With further aging time extension, the B2 particle size increases more slowly from
~ 88 nm for 200 h-aging to ~ 114 nm 500 h-aging, then to ~ 136 nm 1000 h-aging,
as presented in Fig. 4d–f. Moreover, the volume fraction of cuboidal B2 precipitates
increases slightly from ~ 20.4% in 0.5 h-aged state to ~ 24.8% in 48 h-aged state, and
then does not vary with the increase of the aging time. Furthermore, the coarsening of
coherent precipitates in ferritic alloys would occurs by agglomeration during aging,
and whereas the extra nucleation and growth hardly happen, thus resulting in a very
small change of the volume fraction [33]. Similar to the 973 K-aged alloy, the B2
nanoparticles in 1073 K-aged alloy maintained a cuboidal shape. The radius of B2
particles coarsened from r ~ 141 nm for 24 h-aging to r ~ 158 nm for 48 h-aging, then
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Fig. 3 OM image of
solid-solutionized alloy at
1473 K for 2 h

100 m

ST

Ferritic grains

to r ~ 175 nm for 100 h-aging (Fig. 5), which is obviously faster than the coarsening
of B2 particles for 973 K-aging.

The 48 h-aged alloy samples were further analyzed by the TEM to verify the
crystalline structure of precipitates, as shown in Fig. 6. This shows the cuboidal
B2 nanoprecipitates embedded into the BCC matrix with a volume fraction of ~
36.7%, as demonstrated by the selected area electron diffraction (SAED) pattern
along the [110]BCC direction in both bright-field (BF) and dark-field (DF) images
(Fig. 6a, b). The high-resolution TEM (HRTEM) image and fast Fourier transform
(FFT) patterns presented in Fig. 6c, c-1, c-2 indicate that the B2 precipitate are fully
coherent with the BCC matrix, exhibiting a coherent interface, where the schematic
crystalline structures ofBCCandB2phases are also inserted in Fig. 6c. The elemental
distribution in the 48 h-aged alloy was also analyzed with the EDS equipped in DB-
FIB, as shown in Fig. 7. It is found that Ni and Al elements are enriched in B2
nanoparticles, and Fe, Cr, Mo, and W are mainly segregated to the BCC matrix.

Mechanical Properties

Microhardness (HV ) measurements were initially conducted to evaluate the age-
hardening response of the current alloy. The variation of HV with the aging time at
973 K is presented in Fig. 8a, in which the tendency of the radius of B2 precipitates
is also shown. It is found that the HV decreases rapidly from ~ 467 HV in the
solid-solutionized state to ~ 419 HV after 0.5 h-aging, which might result from the
dissolution of ultra-fine spherical B2 nanoparticles into the BCC matrix since the
particle size (60 ~ 70 nm) of cuboidal B2 nanoparticles in both states are comparable
(Fig. 4a, b). Then, it keeps almost constant till 24 h-aging, followed by a slight
decrease to ~ 344HV (48 h-aged), to ~ 304HV (300 h-aged), and lastly to ~ 284HV
after 1000 h-aging. The slow decrease of HV in the late-period aging is ascribed to
the relatively-high thermal stability of B2 nanoparticles.

High-temperature tensile tests at 973 K of the aged alloy specimens for 24, 48,
and 100 h were subsequently performed, and the engineering stress–strain curves are
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Fig. 4 SEM observations of the current alloy after different heat-treatments. a: Solid-solutionized
at 1473 K for 2 h, b – f: aged at 973 K for 48 h, 100, 200, 500, and 1000 h, respectively

shown in Fig. 7b, from which the yield strength (σ YS) and elongation to fracture (δ)
are measured. It is found that the mechanical properties of these aged samples are
comparable, with a yield strength of σ YS = 238 ~ 258 MPa and a ductility of δ =
50 ~ 56% at 973 K. Obviously, the σ YS of this alloy is much higher than that (σ YS =
120MPa at 973 K) of FBB8 alloy containing spherical B2 precipitates with a similar
particle size of r ~ 53 nm [10, 14], and is comparable to that (σ YS = 280 MPa at
973 K) of Ti-modified FBB8 alloy containing cuboidal B2/L21 precipitates with r ~
57 nm [12, 14].
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1 μm

24 h-aging r = 141±26 nm(a)

1 μm

48 h-aging r = 158±41 nm(b)

1 μm

(c) 100 h-aging r = 175±47 nm

Fig. 5 SEM images of 1073 K-aged alloy for 24 h (a), 48 h (b), and 100 h (c)

Discussion

Microstructural Stability of Coherent BCC/B2

Since the volume fraction of B2 nanoprecipitates remains almost unchanged with
the aging time prolonging in the current alloy, the classic Ostwald ripening theory
proposed by Philippe and Voorhees (i.e., the PV theory) could be applied to study the
coarsening behavior of B2 nanoparticles in the current alloy, which has been exten-
sively used in the multicomponent alloys [34, 35]. Such a time-dependent coarsening
process can be described with the following Eq. (1):

r3(t) − r3(t0) = k(t − t0) (1)

k = 8VmσDcMi
9RT (cPi − cMi )

2 (2)

where r(t) is the mean radius of precipitates at the aging time of t, in which r is
calculated from the traced areas using a circular-equivalent, i.e.,r = √

(area/π); t0
= 0.5 h, and k is the coarsening rate constant, which is largely dependent on the
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Fig. 6 TEMcharacterization of the current alloy aged at 973K for 48 h. The bright-field (BF) image
(a) and the corresponding dark-field (DF) image (b) show that the cuboidal B2 nanoprecipitates are
dispersed into the BCC matrix; HRTEM image and FFT patterns (c, c-1, c-2) exhibit that the B2
particle is coherent with the BCC matrix

diffusion of the solute elements and the interfacial energy between the precipitates
and matrix [36]. Especially, the coarsening rate constant of the coherent precipitates
can be expressed with Eq. (2), in which Vm is the molar volume of the precipitates in
the current alloy; σ = 0.03 J·m−2 is the interfacial energy of coherent BCC/B2 phases
[37]; cMi and cPi are the equilibrium composition (in mole fraction) of the element
i in the matrix and precipitates, respectively; R is the gas constant (=8.314 J·mol−1

·K−1); T is the absolute temperature; and D is the diffusion coefficient of the slow
diffusing element in the matrix [36]. Figure 9 gives the variation of particle size r3

of B2 nanoprecipitates with the aging time, which could be well fitted by the PV
theory. Thus, the coarsening rate constant is obtained as k = 6.9 × 10–28 m3·s−1. For
comparison, we also plotted the variation of r3 of particles with the aging time at
973K in existing FBB8 andTi-modified FBB8 alloys, fromwhich the coarsening rate
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Fig. 7 Elemental distribution of the 48 h-aged alloy mapped with EDS equipped in DB-FIB

constants are 4.9× 10–28 m3·s−1 and 5.9× 10–28 m3·s−1, respectively, comparable to
that of the current alloy. Obviously, the coarsening rate constant of coherent particles
in BCC steels is much lower than that (~ 1.7 × 10–26 m3·s−1 at 873 K) of Cr23C6

carbides in Fe-9Cr-1Mo-0.2 V-0.1C-0.08Nb-0.05N (wt. %, T91) steel [38], showing
a much slower coarsening behavior and a higher microstructural stability. More
importantly, the current alloy contains a minor amount of slow diffusion elements
Mo and W, which are mainly partitioned into the BCC matrix (Fig. 7). As W has a
very slow diffusion coefficient in BCC α-Fe [24], W could stabilize the BCC matrix
to an extent. Thus, the coarsening of the B2 nanoparticles for the current alloy is
relatively slow.

It is known that the equilibriummorphologies of precipitates are strongly affected
by both strain energy and interfacial energy at the precipitate/matrix interface [39,
40]. Thompson et al. [41] proposed a characteristic parameter L = ε2C44r/σ to
describe the particle morphology, where C44 = 116 GPa is an elastic constant of the
BCC matrix [42]; ε = 0.35% is the lattice misfit between BCC and B2 phases in
the current alloy; the interfacial energy is σ = 0.03 J·m−2 [37]. Since the parameter
L is proportional to both the lattice misfit ε and the mean radius r of particles,
the ε will be crucial in determining the particle shape when the particle sizes are
comparable (r = 30 ~ 90 nm). Thus, the calculated L value for this current alloy is
L = 1.4 ~ 4.3, which is less than L* = 5.6, the critical value for the morphology of
precipitates transforming from cuboid to plate-like or needle-like shape [41]. This
moderate lattice misfit (ε = 0.24 ~ 0.67%) contributes for the formation of cuboidal
B2 nanoprecipitates in the current alloy.
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48 h, and 100 h; c: Computations of (ΔσCS + Δσ MS) and Δσ orowan as a function of particle size,
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Strengthening Mechanism

The contributions in yield strength of the current alloy primarily originate from the
solid solution strengthening of solutes and the precipitation strengthening of B2
nanoprecipitates. Thus, the strength increment could be calculated with the formula
of σ YS = σ 0 + σ ss + σ p [31, 37], where σ 0 = 50 MPa is the lattice fictional
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stress of BCC α-Fe [43]; and σ ss is the contribution from the solid-solution strength-
ening, which is taken as σ ss = 509 MPa in FBB8 alloy since both have similar
compositions [44]. For the precipitation strengthening (σ p) of B2 nanoparticles, the
strengthening can be divided into two categories, the shearing mechanism and the
Orowan bypassing mechanism [37]. The strength increment from the former results
from both the coherency strengthening (ΔσCS) andmodulusmismatch strengthening
(ΔσMS) since the B2 nanoparticles are too much larger to be cut by dislocations [31,
37, 45–48]. They could be expressed with the Eqs. (3), (4), and (5), respectively:
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whereM = 2.73 is the Taylor factor for the BCC structure [31]; αε = 2.6; m = 0.85;
εc = 2ε/3 is the constrained lattice misfit. G = 83 GPa and ΔG = 3 GPa are the
shear modulus of the matrix and the shear modulus mismatch between precipitates
and matrix, respectively [31]; b is the Burgers vector; f is the volume fraction of
the precipitates; ν = 0.3 is the Poisson ratio, and λp is the inter-precipitates spacing.
Figure 8c plots the strength increment of (ΔσCS + ΔσMS) or Δσ orowan as a function
of the particle radius r in the current alloy, in which the lattice misfit and volume
fraction are taken as ε = 0.35% and f = 24.8%, respectively, for the 48-aged alloy.
It is found that the maximum strength increment of 601 MPa reaches at the critical
r0 = 51 nm, which is within the range of experimental value of r = 58 ± 14 nm.
Thus, the total yield strength increment is σYS = σ0 + σss + σp = 50 + 509 + 588 =
1147 MPa, which is in a good agreement with the measured value of 1032 MPa that
was converted from the HV = ~ 344 in 48 h-aged state according to σYS ~ 3 * HV
in steels [49]. Therefore, the precipitation of cuboidal B2 particles with the present
particle size and volume fraction could achieve the maximum strengthening effect.

Moreover, the yield strength σYS = 239 ~ 258MPa of the present alloy at 973 K is
much higher than that (σYS = 120 MPa at 973 K) of FBB8 alloy containing spherical
B2 precipitates with a particle size of ~ 53 nm, which is mainly ascribed to the fact
that the present lattice misfit ε = 0.35% of BCC/B2 is significantly higher than that
(ε = 0.06%) of FBB8 alloy [10, 14]. Moreover, its yield strength is comparable
to that (σYS = 280 MPa at 973 K) of Ti-modified FBB8 alloy containing cuboidal
B2/L21 precipitates with a particle radius of ~ 57 nm, even though the lattice misfit
ε = 0. 24 ~ 0.67% is slightly lower than that (ε = 0.7%) of Ti-modified FBB8 [12,
14]. Previous research indicated that the dominant creep mechanism of FBB8 alloy
is dislocation climb bypass of B2 nanoprecipitates with repulsive elastic interaction
strain field due to the lattice misfit (ε) [26, 50]. The threshold strength (σth) needed
for dislocations to bypass precipitate particles is greatly affected by the lattice misfit
ε between precipitates and matrix. Generally, the magnitude of threshold strength
(σth) is about 0.4 ~ 0.5 times of the strength increment from the Orowan mechanism
(Δσorowan) [26, 50]. And the threshold strength (σth) of the current alloy is roughly
estimated to be ~ 175 MPa with the Eq. (2-c), where G = 57 GPa at 973 K [51].
Evidently, its threshold strength is greater than that (σth = 69MPa) of FBB8 alloy, and
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comparable to that (σth = 172MPa) of Ti-modified FBB8 alloy [14, 26]. A relatively
larger lattice misfit (ε = 0. 24 ~ 0.67%) of the current alloy as well as Ti-modified
alloy could also result in a strain field that more effectively impedes dislocations
on the arrival or departure side of the precipitates, compared to the FBB8 alloy
[52, 53]. It is emphasized that an exaggerated lattice misfit ε (ε > ~ 1.3%) could
induce a weaker elastic interaction with dislocations because of the disappearance
of coherency [44, 52, 54]. Therefore, a moderate lattice misfit (ε = 0. 24 ~ 0.67%)
of the current alloy induced to the formation of cuboidal B2 nanoprecipitates would
also certainly improve the creep property at HTs.

Conclusions

In this study, a new ferritic Fe–Cr–Ni–Al series ferritic stainless steel (Fe-10.9Cr-
13.9Ni-6.4Al-2.2Mo-0.5W-0.04Zr-0.005Bwt.%) strengthened by cuboidal B2-NiAl
precipitates was successfully designed via the cluster formula approach. In the solu-
tion state, coarse B2 particleswith a size of ~ 60 nm and high-density fineB2 particles
with a size of 3 ~ 5 nm are precipitated in BCC ferritic matrix. After aging, only
one kind of cuboidal B2 particles coherently precipitated due to a moderate ε =
0.69%. The coarsening behavior discussed by the LSW theory is a time dependent
process controlled by the diffusion of the solute and interfacial energy between the
precipitates and matrix. The rate coarsening constants is k = 4.08 × 10–29 m3·s−1.
The higher strength (σs = 258 MPa) of the 24 h-aged alloy at 973 K is primarily
attributed to the coherent precipitation of cuboidal nanoprecipitates in BCC matrix.
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Surface Roughness of Additively
Manufactured IN718 and H282
Superalloys from Multi-size
and Multi-laser Machines

R. Subramanian, K. Cwiok, and A. Kulkarni

Abstract Laser Powder Bed Fusion (LPBF) of metallic components is unlocking
newdesign options for high-efficiency gas turbine component designs not possible by
conventional manufacturing technologies. Surface roughness is a key characteristic
of LPBF components that impacts heat transfer correlations and crack initiation from
co-located surface defects—both are critical for gas turbine component durability and
performance. However, even for a single material, there is an increasing diversity in
laser machines (single vs multi-laser), layer thicknesses (~20–80μ) and orientations
to the build plate (upskin, vertical, and downskin) that result in significant variability
in surface roughness. Build direction effects are particularly important when consid-
ering three-dimensional gas turbine components each having unique cooling features.
This study systematically compares the external and internal surface roughness of
two gas turbine superalloys—Inconel 718 and Haynes 282—from multi-laser and
multi-size machines. This presented data will be discussed in detail, to show poten-
tial applicability of a 3D process signature surface across machines and substrate
orientations for additively manufactured superalloys.

Keywords Surface roughness · Laser incidence angle · Surface orientation ·
Additive manufacturing · Laser powder bed fusion

Introduction

Additive manufacturing (AM), more specifically LPBF (Laser Powder Bed Fusion),
can reduce design tomanufacturing cycle time by almost 50% and contribute to faster
time-to-market targets. The need for accelerated, multi-disciplinary iteration across
design, materials, and manufacturing tasks is critical to develop and release a reliable
process, minimizing component risks from inherent manufacturing process defects.
This is indeed a demanding challenge,with the diversity inmachine chamber size (for
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example-EOSM290, EOSM400-1/4), number of lasers (single versus four) andmate-
rials (combustor alloys such as IN625,H282 toγʹ strengthened turbine alloys IN939,
Mar-M-247).With demands on higher LPBFproductivity, the number of components
in a chamber can vary from 1 (for large turbine components) to ~20 (for combustor
burner components in a chamber)—this additionally increases the demands onmanu-
facturing repeatability build-to-build, as well as for different locations within a build
plate. Despite the widespread popularity and promising applications of LPBF, it
is associated with challenges for the fabrication of fully dense parts with superior
surface finish compared to manufacturing processes such as machining [1] and even
conventional investment casting. LPBF components are prone to develop surface
flaws due to the several concurrently active mechanisms during the fast-melting and
solidification process. There are various effects contributing to surface roughness
for LPBF surfaces—(a) the staircase effect (the roughness resulting from layer wise
stacked 2D sections approximating of smooth 3D surface), (b) waviness created by
the partially overlapping individualmelt beads, (c) the balling effect (separation of the
melt tracks in individual beads due melt pool instability), (d) spatter formation (the
ejection of particles from melt pools), and (e) loose or partially melted powders that
unavoidably occur when the melt pool is in contact with nearby loose powder. The
above factors significantly impair the resulting surface integrity, which is detrimental
to fatigue life [2–6]. The severity of the adverse phenomena during LPBF processes
can be mitigated by tuning the several processing parameters involved, such as layer
thickness, laser power, scan speed, and hatch spacing that will profoundly affect the
physical and mechanical properties of the LPBF product [7–10]. Other build related
factors affecting the gas flow and thermal history of the material also contribute to
roughness such as exposure order, number of parts in the build, fume/laser interac-
tion, and packing of parts in a layer but those influences are not the focus of this
paper. In this paper, the significance of the surface inclination angle, face orientation
towards or away from the laser, and position of the printed part on the build chamber
are evaluated. Fig. 1 shows previous systematic studies [5, 11–13] of the effect of
surface orientation to surface roughness. Recently, Rott et al. [14] further elaborated
on the work done of Kleszczynski et al. [15] in demonstrating the application of
surface laser relation angle (or laser incidence angle relative to the surface normal)
to quantify the interdependency between the surface orientation to the laser (facing
the laser or away from the laser) and location in the build plate and act as a parameter
to predict surface roughness. This is shown in Fig. 2, with the surface roughness
calculated from the surface laser relation angle. The surface laser relation angle can
be utilized as a machine independent parameter. The surface laser relation angle can
then improve comparability of studies across machines and materials (Figs. 3, 4, 5,
6, 7, 8).

The predicted surface roughness based on the CAD model orientation and
placemen could enable a comprehensive roughness prediction for the full part in
preprocessing. This early insight into the distribution of surface roughness of critical
surfaces can then possibly beminimized by redesign, re-orientation, or repositioning.
This could result in an accurate application of heat transfer correlations, possibly an
improvement in fatigue or even reduced postprocessing afterwards.
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Fig. 1 Different coupon geometries/standards used for surface roughness characterization

Fig. 2 Correlation of the surface roughness as function of the part location in the build plate [14]

In this paper, Siemens Energy and Siemens Technology have further evaluated
the relationship between the laser incidence angle and surface roughness using a
simple “chess piece” geometry that enables laser incidence angles to cover a range
from 40 to 140°. This angle range covers almost all the possible orientations—
upskin, vertical and downskin—formanyLPBFcomponent build set ups. The surface
roughness coupon, described in this paper, can be used as a stand-alone geometry
or along with other component geometries due to the compact size. As discussed in
the paper below, the results show a repeatable relationship or “machine signature”
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Fig. 3 Void area analysis of
40 μm parameter

Fig. 4 Void area analysis of
80 μm parameter

Fig. 5 SEM BSE image of
40 μm parameter grain
structure
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Fig. 6 SEM BSE image of
80 μm parameter grain
structure

Fig. 7 EBSD image of
40 μm parameter

Fig. 8 EBSD image of
80 μm parameter
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across single and multi-laser systems, layer thickness and materials. This method-
ology attempts to account for the laser angle effect’s contribution to roughness to
further isolate and understand the build space position influence on roughness. Addi-
tionally, the data creates a kind of signature of a process and machine combination
useful checking for differences betweenmachine serial numbers or for benchmarking
different machine manufacturers and models. This signature will enable comparison
of capabilities across machines and establish a benchmark for process stability, after
process qualification of a LPBF machine, using a non-destructive property such as
surface roughness, measurable on both coupons and components.

Materials and Methods

Materials

Two gas turbine superalloys—Inconel 718 (IN718) and Haynes 282 (H282)—were
evaluated in this study. These two alloys are not only common for this application but
are also common alloys for LPBF printing. As a result, many standards and specifica-
tions fromASTM and SAEAMS have been created to assist with the standardization
of these alloys with this printing process.

The following tables detail the feedstock specification and printed mechanical
properties of the two alloys. Tables 1 and 2 detail the typical chemistries of IN718
and H282 powders used for additive manufacturing, respectively. While chemistry
is important for overall part quality, the powder size distribution of the feedstock is
important in ensuring process stability and consistency. Following the test method
in ASTM B822, Table 3 outlines the common D50 powder size distributions used
for the process.

Mechanical Properties

Bulk printed mechanical properties of IN718 and H282 are seen below. These results
are minimum values and observed at room temperature. Table 4 shows the IN718
printed material properties from AMS 7000 for LPBF processing. The results are
post-heat treatment also detailed within AMS 7000. For H282, Table 5 is derived
from an EOS material specification for their standardized H282 process parameters.
These samples were also heat treated using a solution and aging step outlined in the
specification. Both results are from test specimens printed in the Z-direction.
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Table 1 Chemical
composition of IN718
following AMS 7006

Element Min Max

Carbon − 0.045

Manganese − 0.35

Silicon − 0.35

Phosphorus − 0.010

Sulfur − 0.010

Chromium 17.00 21.00

Nickel 50.0 55.0

Molybdunum 2.80 3.30

Columbium (Niobium) 4.75 5.50

Titanium 0.8 1.15

Aluminum 0.40 0.60

Cobalt − 1.00

Tantulum − 0.05

Columbium (Niobium) + Tantulum 4.87 5.20

Boron – 0.0060 (60 ppm)

Copper – 0.23

Lead – 0.0010 (10 ppm)

Bismuth – 0.00005 (0.5 ppm)

Selenium – 0.0005 (5 ppm)

Magnesiumb – 0.0060 (60 ppm)

Calciumb – 0.0030 (30 ppm)

Nitrogen 0.0300 (300 ppm)

Irona Balance

Table 2 Chemical
composition of H282
following Haynes
International data sheet

Element Nominal

Carbon 0.06

Manganese 0.3 max

Silicon 0.15 max

Chromium 20.0

Nickel 57.0 Balance

Molybdunum 8.5

Titanium 2.1

Aluminum 1.5

Cobalt 10.0

Boron 0.005

Iron 1.5 max
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Table 3 Typical D50 particle size distribution for LPBF powder ranges

Size range (μm) Size Testing method Min. [μm] Max. [μm]

15-45 D50 ASTM B822 28 38

15-53 D50 ASTM B822 34 44

15-63 D50 ASTM B822 40 50

Table 4 Minimum room
temperature mechanical data
for IN718 LPBF material
from AMS7000

Ultimate strength 827 MPa (120 ksi)

Yield Strength 345 MPa (50.0 ksi)

% Elongation 30

Table 5 Room temperature
mechanical data for H282
LPBF material from the EOS
H282 Datasheet

Ultimate strength 1200 MPa (174 ksi)

Yield Strength 751 MPa (109 ksi)

% Elongation 26.2

Experimental Setup

Surface roughness coupon: This is a 50 mm tall and 25 mm diameter “chess piece”,
with octagonal surfaces at different heights as shown in Fig. 9a. Each surface rough-
ness coupon has 33 distinct surfaces—1 top flat surface, 8 20° upskin surfaces, 8
60° upskin surfaces 8 90° vertical surfaces, and 8 60° downskin surfaces. A laser
incidence angle is defined as angle between the substrate normal and laser incidence
direction. The surface roughness coupons are typically distributed on aM290-1 build
plate as shown in Fig. 9b. The coupons alignment in the build plate is identified by a
notch oriented towards the gas flow and the letters aligned from left to right, opposite
to the recoater direction. This orientation is important to also evaluate the effects of
gas flow and recoater direction on the surface roughness.

Surface roughness measurements: Surface roughness measurements were done by
non-contact profilometry using Sensofar S-Neox90, with the focus variation setup.
The focus variation setting takes several bright field images while scanning in the
Z-axis. For each of the images, at a specific z-axis value, a focus operator algorithm
records the axial position of the pixels in focus (at highest contrast) at each focal
plane. A focus operator algorithm then records an axial displacement for pixels,
at its maximum contrast. A stacked image, with the axial position information is
stored for all the images with highest contrast, and this will result in a 3D surface
topology measurement. After scanning the entire Z-range, a 3D image composed
of stacked images is compiled and a 3D image is reconstructed. Images are taken
with an objective lens 10X and the surface roughness measurement requirements of
0.8 mm cut-off length, with a L-Gaussian correction is evaluated to meet ISO 4287
standards, after application of a 5 × 5 median denoising filter.
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Fig. 9 a CAD model of “chess piece” b Typical layout of the “chess pieces” in the build plate

Fig. 10 Laser coordinates for EOS machines a M290-1, b M400-1, and c M400-4

In addition to M290-1, a single laser system, Fig. 10 shows the coordinates of the
laser head for each of the other machines M400-1 (a taller single laser system) and
M400-4 (a four laser system). Depending on the type of machine, the laser incidence
angle can be calculated. The measured surface roughness can be plotted against the
laser incidence angle for any machine.

Results and Discussion

Build Plate Location on Laser Incidence Angle

Location in the build plate of this octagonal chess piece will result in a laser incidence
angle that traverses from horizontal (flat), upskin, vertical, and downskin surfaces,
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that face towards and away from the laser. Figure 11 shows an example of the laser
incidence angles for the surface roughness coupon geometry in an EOS M290-1
machine. For the center location under the laser, the laser incidence angle is equivalent
to the surface orientation relative to the build plate (as illustrated in Fig. 3b). However,
for the corner piece, the laser incidence angle has a larger range from acute to obtuse
angles due to the surfaces facing towards and away from the laser.

The variation in the laser incidence angle is expected to influence the surface
roughness as shown in Fig. 12. The surfaces that have an acute laser incidence angle
(mostly upskin) have the heat flow and consequently melting of a solid surface.
The surfaces that are heated by an obtuse laser incidence, result in more of heat
transfer into loose powder near the surface. These phenomena are the same for
internal cooling channels. Therefore, the surface roughness trends from external
surface measurements can be used to predict internal surface roughness. This is
a very useful relationship, especially for internal cooling channels, where surface
roughness cannot be easily measured.

Fig. 11 a Schematic of laser incidence angles on center coupons under the laser and b Schematic
of laser incidence angles on corner

Fig. 12 Schematic of laser incidence angles on external surface roughness and the internal cooling
channels
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Surface Roughness Relative to Laser Incidence Angle

The measured surface roughness data for the center and corner coupon for IN718
is shown in Fig. 13. The lower curve (yellow color) shows the roughness variation
in horizontal (0°), upskin (60°), vertical (90°), and downskin (120°) for the center
coupon. For the same geometry, when the coupon is moved to the corner, the laser
incidence angle range now increases from 40° to 135°, due to the differences in
surfaces that face the laser and those that face away from the laser. This change in
laser angle results in higher roughness values across all the incidence angles, but
with a very similar parabolic trend.

Figure. 14 shows the comparison of the surface roughness pictures for the two
coupons across the different surface orientations. Differences in the contributions
to surface roughness are very clear—high upskin surface roughness at low laser
incidence angles (due to the staircase effect as proposed by Strano [5]). The stair-
case effect is a description of the roughness resulting from layer-wise stacked 2D
sections that approximate a smooth 3D surface and analyzed in detail by Strano [5].
This is followed by minimum surface roughness for vertical surfaces and finally,
the increase in downskin roughness at high laser incidence angles—resulting from
particle adhesion and unstable melt pools. The horizontal surfaces are smooth when
directly under the laser in the center position but have a higher roughness for the
corner coupons. From Fig. 13 although the trends are similar across the coupons in

Fig. 13 Overview of laser incidence angles of upskin, vertical, and downskin surfaces facing and
away from the laser
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different locations of the build plate, the roughness values are higher for the corner
coupons compared to the center coupons, for the same incidence angles between 60°
and 120°. Two possible reasons that are likely are the effects of gas flow or recoater
direction. To evaluate these differences, all surfaces (upskin, vertical, and downskin)
facing towards and away from gas flow and recoater direction were measured.

The results are shown inFig. 15below (using average trendlines for clarity,without
data points). Standard deviations in surface roughness measurements are typically
within 1.5–2.5 Ra. Within this standard deviation and data scatter, Fig. 15 clearly
shows that a surface roughness variation is not detected. Therefore, other reasons
such as the melt pool size and the consequent decrease in local energy density can
result in a higher roughness or variation in powder spreading near the build plate
corners and edges. Understanding of these differences requires further investigation.

Fig. 14 Surface roughness images for IN718 center and corner coupons as function of orientation
to the build plate
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Fig. 15 IN718 surface roughness data towards and away from gas flow and recoater direction

Similar to layer thickness trends in literature [14], the surface roughness is greater
at a 80μ layer thickness relative to a 40-μ layer thickness as seen in the external
surfaces of the chess piece samples in Fig. 16. On average, the arithmetic mean
roughness for the 80μ layer thickness is 1−13μ higher compared to the 40μ layer
thickness for all surface orientations, except the downskin 60°, of the chess piece
created using the M400-1 machine.

For all the surface orientations evaluated across the chess piece samples that were
made using the differentmachines, surface roughnesswas typically the highest on the
60° downskin followed by the 20° upskin, 60° upskin, 90° vertical, then 0° horizontal
surface orientations. The only machine that did not follow this trend was for the
samples created using the M400-1 in a 80μ layer thickness. The surface roughness
of the M400-1 80μ layer thickness is higher for the 20° upskin surface compared to
the 60° downskin surface. After further investigation, the cause is a result of the stair
stepping effect, which was exacerbated due to the 80μ layer thickness relative to a
40-μ layer thickness, that lead to an increase in roughness for the 20° upskin surface
compared to the 60° downskin surface.

It is clear from the results in Fig. 16, that the surface roughness across all three
machines (M290-1, M400-1, M400-4) for a 40-μ layer thickness are very similar,
less than a 5μ difference. Some surface orientations such as the upskin 20°, upskin
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Fig. 16 Areal average surface roughness results (Sa) for each chess piece fabricated in 718 using
two different single laser machines, two layer thicknesses, and a four laser machine. Average of 88
measurements for each point

60°, and vertical 90° are less than a 2μ difference between the 40μ layer thick-
ness machines. The small difference in roughness level highlights that the machine-
induced surface roughness variation is minimal on flat surfaces. In comparing the
roughness of the single laser machines at a 40-μ layer thickness (M290-1 andM400-
1), the roughness is 13-27% lower for the M290-1 compared to the M400-1 for
all surface orientations except for the horizontal 0° surface orientation. The surface
roughness across all build orientations was 12–40% higher for the single laserM400-
1 chess piece sample compared to the four samples created at the different quadrants
using the multi-laser M400-4.

Each chess piece that was fabricated at each of the four quadrants (Q1, Q2, Q3,
Q4) in the four laser M400-4 are colored coded in Fig. 17. Results from Fig. 17
indicate that there is a minimal difference (less than 1μ) in surface roughness at
every surface orientation for the four samples printed using the different lasers in the
M400-4 machine. It is important to note that the samples printed at each of the four
corners in the M400-4 shared the same radial distance from the laser source.

Thenext summary focuses onmaterial differences betweenNi-basedH282printed
on an M290 and M400-1. The trend observed for IN718 surface roughness is also
observed for H282 (see Fig. 18), although with a slightly higher surface roughness.
The contributions to H282 surface roughness also have a similar trend as shown
for IN718 in Fig. 17. For all surface roughness data with H282, the M290 and
M400-4 are used to print with a 40 μm layer thickness only. Figure 18 details the
surface roughness data obtained from the coupons. Like the 718 printing, results
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Fig. 17 M290 and M400-4 surface roughness results for IN718. Surface roughness are measured
from all coupons in the M290 and M400-4 (Q1-Q4) build plate

between center coupons of each quadrant on the M400-4 have minimal differences.
The maximum difference is 3 μm between Q2 and Q1/Q4. When comparing the
differences between the M290 and M400-4, the differences are higher than 718,
with a maximum difference of 7.7 μm, for the 0° and 60° surfaces. Overall, the
surface roughness on the M290-1 is 30–141% lower than the M400-4 data for the 4
quadrants. The reason for this difference is not yet clear.

When comparing the twomaterials, IN718 andH282, the observed surface rough-
ness for H282 is higher except for one data point at 20° on the M400-4. Figures 19
and 20 compare the results for each material in 40 μm layer thicknesses with the
EOS M290-1 and the M400-4 machines, respectively.

Fig. 18 M290 and M400-4 surface roughness results for H282. Surface roughness are measured
from all coupons in the M290 and M400-4 (Q1-Q4) build plate
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Fig. 19 Comparison of surface roughness results for IN718 and H282 printed on the M290-1

Fig. 20 Comparison of surface roughness results for IN718 and H282 printed on the M400-4
(average of all coupons in all 4 quadrants)

Surface roughness on the M290-1 for these two materials are very similar;
however, the upskin regions have a maximum roughness difference of 3.6 μm on
the 20° surface. The M400-4 results are not as similar, and do not appear to follow
any trend. For this machine, the maximum difference in surface roughness measure-
ments between these IN718 and H282 are 7.5 μm at the 0° surface. The only data
point in which H282 surface roughness is lower than 718 is at the 20° surface with
a difference of 1.3 μm (Figs. 19 and 20).

Conclusions

In summary, the laser incidence angle relative to the surface normal is a universal
descriptor of surface orientation to the build plate, independent of location in the
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build plate, for any LPBF machine. This laser incidence angle has a significant
effect on surface roughness with a consistent parabolic effect with high upskin and
downskin roughness with a minimum surface roughness value for vertical faces.
Upskin surfaces facing the laser have a higher roughness than those facing away
from the laser—a trend understood by the staircase effect. The trend is reversed
for downskin roughness, predominantly because of laser angle on particle adhesion
and material extensions. The same roughness trends are observed across different
materials—IN718 and H282 as well as in different LPBF machines with single
and multi-laser systems. The data reported in this paper can be used for establishing
fundamental relationships of laser incidence angles to surface roughness acrossLPBF
machines for future process stability evaluations and process transfer check across
machines.
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Influence of Morphology and Size
Distribution of Haynes 230 Particles
on the Powder Spreading Behavior
and Performance on Selective Laser
Melting

Peng Zhang, Rui Wang, Shaoming Zhang, Zhongnan Bi, Xizhen Chen,
Hailong Qin, and Guangbao Sun

Abstract There is increasing interest in the use of additive manufacturing (AM)
for superalloys due to their broad applications in the aerospace industry. As the raw
material, high-quality metal powder is very important for successful powder bed
fusion in AM. In this work, Haynes 230 powders manufactured by Vacuum Induc-
tion Melting Inert Gas Atomization (VIGA) and Plasma Rotating Electrode Process
(PREP) were characterized and compared. Results demonstrated P-230 powder is
superior to V-230 powders. P-230 powder exhibits a lower Hausner coefficient and
better flowability. Meanwhile, attributed to superior sphericity and fewer satellite
particles, lower dynamic angle of repose and cohesive index were achieved by P-230
powder, which means better dynamic flow and spreading of the powder during the
recoating process of selective laser melting (SLM). In terms of their performance on
SLM, the powder bed density of the P-230 powder is higher, and samples prepared
with P-230 powder exhibited higher relative density. Although both V-230 and P-
230 samples were all HIPed at 1200 °C for 4 h, P-230 samples revealed higher yield
strength at room temperature.

Keywords Ni-based superalloy · Additive manufacturing · Selective laser
melting · Powder morphology · Powder size distribution · Powder spreading
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Introduction

In recent years, there have been many studies on nickel-based superalloys formed
by the selective laser melting (SLM) process [1–4]. For solid solution strengthened
superalloys, the most studied alloys include Hastelloy X [5–8] and IN625 [9]. The
research mainly focuses on the influence of process parameters on the formation
of pores and cracks and the cracking mechanism. For the precipitation hardening
superalloys, the alloys currently studied mainly include IN718 [10, 11], IN738LC
[12–15], CM247LC [16, 17], etc. The research focus is mainly on the distribution
characteristics of the γ′ and γ′′ phases and their effects on mechanical properties,
and the impact of element content on crack suppression. Haynes 230 alloy is a solid
solution strengthened Ni-based superalloy used for combustors and flame tubes. Due
to the demand in turbine engines for aviation and power generation, much research
has been carried out on SLM of Haynes 230 alloy. Bauerd et al. studied the influence
of different process parameters on apparent density, porosity, and cracks of SLMed
Haynes 230 alloy, and compared the mechanical properties of SLMed samples with
cast and forged materials [18]. Moneni studied the effects of powder layer thickness,
laser spot size, and laser power on the width and depth of the molten pool in SLMed
Haynes 230 alloy [19]. Yang et al. focused on the evolution of the microstructure of
Haynes 230 alloy in the as-formed and heat-treated states [20].

Powder is the raw material of the SLM process, and the characteristics of the
powder are one of the important factors affecting the powder packing density, sample
defects, and mechanical performance [21–23]. By comparing the pores and cracks
of samples prepared by 8 different batches of IN738LC powder, Engeli et al. found
that under the same process parameters, the porosity of the samples prepared by gas
atomization was lower than 1.2%, while the porosity of the samples prepared by
water atomization is 3.5%. In addition, the powder with lower Hausner value has
better flowability, and the formed sample has lower porosity and fewer micro cracks
[24]. Smith et al. analyzed the effect of 16 different powders on microstructure and
properties of samples built using SLM process. The result revealed a wide range
of building qualities and microstructures despite all powder lots falling within the
718 chemical specification and being processed using the same prescribed build and
heat treatment parameters. In particular, a strong correlation of the amount of carbon
in the powder with the final grain size and strength of the heat-treated 718 parts
[25]. In the Haynes 230 alloy, due to the high content of Cr and W elements and
the high viscosity of the alloy, it is vulnerable to defects during the SLM process,
The influence of powder characteristics on density, microstructure, and mechanical
properties of SLMed specimen is not clear yet. Therefore, this paper will analyze
the characteristics of Haynes 230 powders prepared by two different processes and
their influence on samples formed by SLM process.
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Experiment Method

In this paper, As-cast pre-alloyed ingots are obtained through the vacuum melting
process, and then processed into rods of specified dimensions. The rods are remelted
to prepare metal powder through Plasma Rotating Electrode Process (PREP) and
Vacuum Induction Melting Inert Gas Atomization (VIGA). The powders prepared
by the two processes were sieved to a particle size of 15–53μm for SLM processing.
The chemical compositions (Table 1) of the two powders were analyzed by Induc-
tively Coupled Plasma Optical Emission Spectroscopy (ICP-OES). The particle size
distribution of the powder was tested in the liquid dispersion state using a laser
particle size distribution analyzer at 20°C ambient temperature and 40% humidity.
The Span value of the powder particle size distribution is given by D10, D50, and
D90, and the calculation formula is as follows:

Span = D90 − D10

D50

Themorphologyof the powderwas observed by aHitachi S4800 scanning electron
microscope. The aspect ratio of the powder particles was calculated by ImagePro.
The sphericity of the powder was calculated by the image method. The flowability
of the powders was measured by a Hall flow meter.

In order to characterize the impact of internal friction between powder particles
and the three forces (van der Waals force, electrostatic force, and capillary force) on
the dynamic flowability of the two powders and the spreadability on the powder bed
under dynamic recoating conditions, three powder rheology characterizationmethods
were chosen: (1) GranuHeap instrument was used to measure powder static packing
angle, cohesion index, and packing height; (2) GranuDrum instrument was used to
measure powder dynamic flow angle and dynamic cohesion index; (3) GranuPack
instrument was used to measure the bulk density, tap density. Hausner ratio of the
powder is obtained by the following formula:

Hausner = ρTap

ρBulk
, where ρTap is tapped density and ρBulk is bulk density.

The density of the powder bed is evaluated in situ by designing an enclosed hollow
model that can seal powders on the powder bed inside during the printing process
[23], which is shown in Fig. 1a. The enclosed model consists of an inner cavity and
an outer wall. The inner diameter of the cavity is 20 mm. The wall thickness is 2 mm.

Table 1 Chemical composition of Haynes 230 Powders (wt.%)

Elements C Cr B Al Fe Mn Mo

P-230 0.056 20.82 0.0052 0.42 1.79 0.58 1.95

V-230 0.053 20.60 0.0050 0.42 1.81 0.49 2.09

Element Ti Co Si La W Ni /

P-230 0.004 0.27 0.41 0.005 13.35 Bal /

V-230 0.013 0.31 0.42 0.0005 13.38 Bal /
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Fig. 1 Powder bed density analysis model (a) and SLMed sample (b)

The height is 38 mm. The upper taper angle is 60°, and the top port of the model is
sealed with a 0.2 mm sheet. The model is distributed on the 4 corners and the center
of the forming substrate as shown in Fig. 1a. The forming parameter: power 180W,
scanning speed 700 mm/s, hatching spacing 0.09 mm, layer thickness 0.03 mm. The
model after forming is shown in Fig. 1b. After formation, open the upper sheet of
the model, weigh the powder weight Mc of the inner cavity, and then measure the
volume Vc of the model cavity by injecting water into the cavity. The density of the
powder bed (PBD) is calculated by the following formula:

PBD = Mc

Vc

SLM processing was conducted on an SLM 125HL machine (SLM Solutions
GmbH, Germany) equipped with a 400 W fiber laser (IPG) under an argon atmo-
sphere. 29 different processing parameters were used to build samples: laser power
of 100~260 W, scanning speed of 300~1900 mm/s, hatching space of 90 μm, layer
thickness of 30 μm, scanning rotation angle of 67°, strip scanning strategy with strip
size 5 mm, and baseplate temperature of 200 °C. Following fabrication, samples
were Hot Isostatically Pressed (HIP) at 1200 °C/140 MPa for four hours to remove
any microcracks, large voids, and porosity.

The relative density of both as-built and HIPed samples was measured using the
Archimedes method. For metallographic studies, both as-built and HIPed samples
were mounted, mechanically grinded successively from 500 to 4000 Grit, and
polished with diamond suspension from 3 to 0.5 μm and finally with OPS colloidal
silica suspension. To reveal the grain boundary, the polished samples were etched
for a few seconds using a 15 g copper sulfate +50 ml hydrochloric acid +3.5 ml
sulfuric acid etchant. A JEOL JSM-7200F FEG scanning electron microscope
(SEM) equipped with energy dispersive X-ray spectroscopy (EDS) and electron
backscatter diffraction (EBSD) system from Oxford Instrument, was operated at
25 kV to examine the microstructure and texture. Note that all the SEM images and
EBSD mappings are taken perpendicular to the build direction.

The tensile testing was performed using a Zwick/Roell Z100 machine with a
maximum load of 100 KN at room temperature. The cross-head displacement speed
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was 1 mm/min before yielding and 5 mm/min after yielding. Round tensile bars with
a gauge length of 25 mm and a gauge diameter of 5 mmwere prepared by machining
from �13 × 70 mm SLMed cylinder bars. An extensometer was used to measure
elastic strains and yield stress accurately.

Results and Discussion

Physical Properties of Powders

It can be seen from Table 2 that the span value of P-230 is lower than that of V-230,
indicating that the particle size distribution of P-230 powder is more concentrated.
Besides, the D10, D50, andD90 values of P-230 powder are larger than that of V-230,
which means the average particle size of P-230 powder is bigger.

The morphology and sphericity of the two powders are demonstrated in Figs. 2–3.
It can be seen that the P-230 powder is a smooth spherical particle with no satellite
particle on the surface, while most of the V-230 powder particles are spherical, there
are a certain number of satellite particles and irregular-shaped powder, which is
related to the gas atomization process. In the process of gas atomization, the gas
and the molten metal have a strong interaction, and the metal film is destabilized
and broken to form droplets. In the process of flight, droplets collide and combine
under the impact of turbulent airflow to form irregular particles. In addition, due
to the different solidification and spheroidization rates of large and small droplets,
small particles that solidify first tend to adhere to the surface of large particles that
solidify later and form satellite powder. According to statistical analysis, the average
sphericity of the P-230 powder is 0.97, which is higher than the average sphericity
of the V-230 powder of 0.89. In addition, the sphericity distribution of P-230 powder
is concentrated in a narrow range of 0.95–1.0, while the sphericity of V-230 powder
fluctuates in a wide range of 0.5–1.0, which is mainly related to the irregular-shaped
powders and satellite particles existing.

It was found that the surface morphology of the two powder particles showed
a typical rapid solidification structure that obvious solidified dendrites and cellular
structures can be observed (Fig. 4). The surface of the P-230 powder particle presents
almost uniform cellular structure, while the surface of the V-230 powder particle
exhibits coarse dendrites in addition to cellular structure. The secondary dendrite
arms are more pronounced.

Table 2 Powder particle size distribution

Samples D10 (μm) D50 (μm) D90 (μm) Span

P-230 35.25 48.02 66.59 0.63

V-230 22.39 36.22 58.18 0.99
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Fig. 2 Powder Morphology a P-230; b V-230

Fig. 3 Sphericity of powders a P-230; b V-230

Fig. 4 Surface morphology of powder particles a P-230; b V-230

Figure 5 compares the static packing behavior of the two powders. On the one
hand, the consistency of the static angle of repose of P-230 powder is higher than that
ofV-230,where the static angle of repose of P-230 powder fluctuates between 26–27°
and that of V-230 powder fluctuates in the range of 42–44°. On the other hand, the
average angle of repose of the P-230 powder (26.77°) is significantly lower than that
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Fig. 5 a Static angle of repose b Static cohesion index

of the V-230 powder (43.54°), indicating that the inter-particle friction and adhesion
of the P-230 powder are lower than those of the V-230 powder. From Fig. 5b, the
average static cohesion index of P-230 powder, namely 0.18, is significantly lower
than that of V-230 powder, which is 0.51. The excellent static packing behavior of
P-230 powder is attributed to the smoother particle surface and regular and spherical
particles. The existence of the irregular particles and satellite powder inV-230powder
leads to the increase of the roughness of the particle surface and the friction between
the particles, which eventually causes the increase of the static stacking angle and
cohesion index.

To further characterize the flow behavior of the two powders in the state of
recoating, the dynamic flow behavior of the two powders was measured, and the
results of the dynamic flow angle and cohesion index are shown in Fig. 6. It can be
seen from Fig. 6a that the dynamic flow angles of both P-230 and V-230 powders
increase with the increase of the drum speed, indicating that with the increase of the
shear stress between particles, the flowability of the powders decreases, and both
powder particles exhibit shear thickening behavior. It is obvious that the dynamic
flow angles of the P-230 powder at different rotational speeds are smaller than those
of the V-230 powder, indicating that the dynamic flowability of the P-230 powder
is better than that of the V-230 powder, which is consistent with the angle of repose
results. The dynamic cohesion index of P-230 is significantly lower than that of V-
230 powder (Fig. 6b) as well, indicating that the spreadability of P-230 powder on
the powder bed should be better than that of V-230 powder, which could lead to a
uniform and dense powder layer on the powder bed, and is eventually beneficial to
achieve high relative density of the printed specimen.

The results shown in Table 3 and Fig. 7 further reveal the influence of powder
morphology, flowability, and cohesion index on powder bulk density, tap density, and
powder bed density. Compared with V-230, P-230 powder has higher bulk density
and lower Hausner ratio, meaning that P-230 powder has better flowability, which is
also consistent with the results obtained by the dynamic flow angle of the powders.
Through the Hall flow rate test, the flowability of P-230 is 11.8 s/50 g, and the
flowability of V-230 is 14.3 s/50 g. The powder bed densities of P-230 and V-230
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Fig. 6 a Dynamic flow angle b Dynamic cohesion index of two powders

Table 3 Comparation of various densities of two powders

Samples Bulk density (g/cm3) Tap density (g/cm3) Hausner ratio Powder bed density
(g/cm3)

P-230 5.18 5.59 1.08 5.68

V-230 4.38 5.19 1.18 5.26

are 5.68 g/cm3 and 5.26 g/cm3 respectively (Fig. 7b). Higher powder bed density
of P-230 indicates that during the powder stacking process, the proportion of voids
between particles is less, and under the condition of the same laser energy input, the
molten pool can fill the voids better, which is easier to form a uniform and dense melt
channel, and eventually higher relative density of specimen [26, 27]. In addition, it
is found that the powder bed densities of P-230 and V-230 powders are both higher
than the tap densities. This can be explained that during the powder recoating process
when the scraper pushes the powder to move, the powder is subjected to the shearing
force of the scraper, which generates compressive stress on the powder. Under the
action of the compressive stress, the powder bed is further densified, resulting in the
powder bed density exceeding the tap density of the powder.

Microstructures of Haynes 230 SLMed with Two Powders

The XY-plane microstructures of samples SLMed with P-230 and V-230 powders
are shown in Figs. 8, 9, 10. Optical images reveal that after HIP, there are almost
no visible pores and defects in both samples. HIP at 1200°C can act as a solution
treatment as well. After HIP, carbides are formed along grain boundaries and inside
grains. The average size of carbides in the P-230 sample is larger than that of V-
230 sample. Besides, fewer carbides are formed inside grains in the P-230 sample.
According to EBSD analysis, the average grain size of the P-230 sample is larger
than the V-230 sample in as-build state. The inverse pole figure of samples shows
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Fig. 7 a Tap density curves b Powder bed density of two powders

that the grains of P-230 has a strong tendency to align along (001) plane while the
grains of the V-230 has a slight tendency to align along (101) plane. Recrystal-
lization occurred after HIP, indicated by reduced grain sizes and randomized grain
orientation. However, the recrystallization behavior of samples from two powders
are diverse. Full recrystallization occurred for the V-230 sample, as the grain size is
much smaller, grain morphology is more equiaxed, and a nearly random grain orien-
tation distribution is observed. Besides, a large quantity of twin crystals is formed.
While partial recrystallization occurred for the P-230 sample, although the grain size
is smaller, the grain morphology is still elongated, and a slight tendency to align
along (101) plane is observed .

As-built samples prepared by SLM typically exhibit large numbers of dislocations
that are uniformly distributed across the sample. And large thermal gradient of the
SLM process easily generates high residual stress and local strain. These are all
requirements to trigger recrystallization. Recrystallization also requires a minimum
temperature for the necessary atomic mechanisms to occur. In this case, both P-
230 and V-230 samples experienced the same 1200°C HIP process, therefore, the
thermal condition for recrystallization is the same. It is reasonable to suspect that

Fig. 8 Optical images of HIPed samples of XY-plane
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Fig. 9 Back scattered images of HIPed samples of XY-plane

Fig. 10 EBSD crystallographic orientation map of the XY-plane, using a Z-based (build direction)
projected IPF: a b As-built samples c d HIPed samples

the dislocations, residual stress, or local strain conditions are different for as-built
P-230 and V-230 samples, which leads to distinct recrystallization behaviors. The
exact reason needs further investigation.
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Relative Density

The relative densities of samples SLMed with different process parameters using
V-230 and P-230 powders respectively are illustrated in Fig. 11. It is clear that P-230
samples exhibit higher relative density than V-230 samples in both as-built state and
HIPed state. In terms of as-built state, the relative densities of most V-230 samples
fluctuate between 98 and 98.6%, while the relative densities of most P-230 samples
are near or above 99%. For the #5 sample (100W, 900 mm/s), both two powders
showed significantly low relative density, which is due to a large lack of fusion
voids caused by insufficient energy density (41.2 J/mm3). After HIP, the relative
densities of samples are all increased and most P-230 samples achieve near 99.9%,
while all V-230 samples achieve above 99%. The differences between samples from
various process parameters are also reduced and the curves become flattened for both
powders.

The relative density results of the P-230 and V-230 samples are closely related
to powder properties. As mentioned above, the physical characteristics difference
between P-230 and V-230 powders contribute to their dissimilar static and dynamic
stacking behaviors, which eventually reflect on the powder bed densities. The higher
relative densities of P-230 samples are a direct impact of the higher powder bed
density of P-230 powder. With higher powder bed density, the energy of laser beam
can be absorbed more efficiently which results in less lack of fusion. More molten
metal and fewer voids between powders contribute to fewer defects. HIP is a common
process used to reduce the micro-cracks and porosity of AMmaterials. The effect of
HIP is proved by the improvement of relative densities compared to as-built state.
However, the relative density gap between V-230 and P-230 powder are not closed
after HIP, which means not all defects are eliminated in V-230 samples. Normally
a certain amount of hollow powder is present in the VIGA powder [28], and the
gas trapped inside could results in porosity during SLM process, but these pores are
impossible to be fully closed by HIP. Parameter 13# (180W, 700mm/s, 95.24 J/mm3)

Fig. 11 Relative densities of samples SLMed by different process parameters using two powders:
a As-built samples b HIP samples
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was chosen, which corresponds to relative densities of 99.49% for VIGA powder and
99.95% for PREP powder, to build mechanical specimens.

Mechanical Properties

Figure 12 shows the quasi-static room temperature tensile true stress–strain curves of
the samples SLMedwith two powders. It can be found that the mechanical properties
of the samples prepared with the two powders using the same forming parameters
and HIP process are different. Among them, the yield stress of P-230 is 448 MPa,
which is higher than that of V-230, namely 351MPa, but the tensile stress and plastic
elongation of the P-230 sample are lower than those of V-230. The tensile stress of
P-230 is 860 MPa, and the elongation is 39%, while the tensile stress of V-230 is
892 MPa and the elongation is 46%.

The difference of mechanical properties is mainly caused by two factors: on the
one hand, better physical characteristics of the P-230 powder results in higher powder
bed density of the P-230 powder than that of the V-230 during the powder recoating
process. And higher powder bed density eventually results in higher relative densities
of samples printed. During the stretching process, the fully dense sample has more
load bearing capacity by having more load bearing area, resulting in higher yield
stress of the P-230 sample; on the other hand, the P-230 sample partiallymaintains the
as-printed grain morphology, while the V-230 sample has obvious recrystallization
after the sameHIP process, and a large number of twin crystals are regenerated. After
recrystallization, the residual stress in the sample is fully reduced, and the number
of linear defects such as dislocations is eliminated, resulting in the material being
easily deformed plastically, thus the yield strength of the V-230 sample is decreased.
However, after full recrystallization, grain size is greatly reduced and a large number

Fig. 12 Tensile true
stress–strain curves of
samples SLMed with two
powders
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of twin boundaries are formed. The increased grain boundaries and twin boundaries
can accommodate more dislocation slip and plastic deformation, which contributes
to the improvement of the plasticity of the V-230 sample.

Conclusion

(1) The characteristics of the powder have an important influence on the powder
packing density and powder bed density. Compared with VIGA, the Haynes
230 powder prepared by PREP has a narrow particle size distribution, high
sphericity, smooth particle surface, and lower Hausner ratio, which leads to
decrease of cohesion and friction between the powder particles. These factors
improve the dynamic flowability and spreadability of the powder during the
powder spreading process, and further increase the powder bed density of the
P-230.

(2) Under the same process condition and HIP process, the sample formed by P-
230 powder has higher relative density and less recrystallization, which leads
to higher yield strength of the material. Meanwhile, the sample from V-230 has
obvious recrystallization, and grains are refined and twinning microstructure
appears, which results in a decrease of the yield strength and an increase in
plasticity.
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Tensile Performance of Direct Energy
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Strengthened IN718
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Abstract With the need to increase electric power generation efficiencies in order
to reduce carbon emissions, operational temperatures of turbine components must
increase. Oxide-dispersion strengthening (ODS) has been proven to be useful in
increasing the operational temperature of steels. In this study, yttria oxides (Y2O3)
particles were mechano-chemical bonded (MCB) to IN718 powder to investigate
the ability of IN718 to be strengthened by ODS particles at temperatures above
1000 °C. The Y2O3 infused IN718 powder was direct energy deposited using two
parameter sets for testing. Plates of standard IN718 power were built using the
same deposition parameters for reference. Specimen blanks were cut from plates
and tested as built, with 1080 and 1200 °C homogenization heat treatments. The
initial microstructure for all four conditions was dendric with significant Mo, Nb,
and Ti segregation. Homogenization was observed to break up the initial large Mo
and Nb precipitates and form Mo–, Nb–, and Ti–rich spherical precipitates. The
1080 °C homogenization heat treatment retained the dendritic structure, while the
1200 °C was observed to partially recrystallize the grain structure. Minor changes in
the tensile properties were observed at 1050 °C by additions of Y2O3. This suggests
that with further optimization, IN718 may be utilized at temperatures above 1000 °C
with ODS methods.
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Introduction

Additive manufacturing involves fusing metal powder layer-by-layer to build up
the desired geometry. These parts typically have complex microstructures and high-
residual stresses. Researchers have shown coating the powder with yttria oxides
(Y2O3) prior to fusing can improve the strength of alloys. Utilization of oxide disper-
sion strengthening (ODS) is a relatively recent development.Much research has been
done in steels, however less research has been published in Nickel base alloys. Smith
et al. [1] used an ultrasonic methodology to impregnate NiCoCr powder with 1.0
wt%Y2O3. Smith et al. [1] showed a > 20% improvement in ultimate tensile strength
(UTS) and > 50% improvement in the ductility of the alloy at 1093 °C. This signifi-
cant increase in mechanical properties was found by Smith et al. [1], is encouraging
for further research in ODS of nickel-base alloys. Other researchers have shownmild
tensile improvements by additions of Y2O3 ODS to commercially available alloys.
Song et al. [2] used ball milling to impregnate Inconel 718 (IN718) powder with
1.0 wt% Y2O3. Song et al. [2] showed a 10% improvement in yield and UTS, and a
–24% loss of ductility for the alloy at 650 °C. Guo et al. [3] showed a 2.6% increase
in UTS of IN738LC at 850 °C with the addition of 0.05 wt% Y2O3 also utilizing
ball milling. Luu et al. [11] studied IN718 with 0.4−1.5 wt% of Y2O3 finding peak
strength at a composition of 1.0 wt% Y2O3 at room temperature.

In addition to the strength improvement offered by Y2O3 additions, significant
changes to themicrostructure of IN718 and other superalloys have been reported. The
Y2O3 has been shown to combine with Al, Ti, Nb, and Zr to form complex precip-
itates [3, 4], potentially robbing the matrix of γ’ and γ” formers [4] or coarsening
the Y2O3 particles [4], reducing the Orowan strengthening provided by the small
dispersoids. This may have a significant impact on the elevated temperature strength
of commercial alloys as the microstructure evolves away from base microstructure
of the alloy which has been well characterized for certifications.

IN718 contains gammadouble prime (γ”−Ni3Nb)with rapid strength degradation
above 650 °C. Other strengthening phase of IN718 is gamma prime phase (γ’−Ni3Al
or Ni3Ti) with significant coarsening after 700 °C. Thus, IN718 is typically limited
to service temperatures below 650°C. If the ODS IN718 alloy can demonstrate an
increase in the temperature limit of IN718 to 850 °C or above, this would be a major
research accomplishment.

Materials and Methods

Inconel 718 (IN718) powder (size: 44–106 μm) was acquired from Carpenter Addi-
tive. Half of the powder was left as received, while the other half of the powder
was mechanically alloyed with Y2O3 to 0.5% by weight. A 0.5 wt% of Y2O3 was
selected as a compromise between alloy degradation at high temperature and antic-
ipated strength. Mechanical alloying was done by a mechano-chemical bonding
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Fig. 1 SEM images of the MCB IN718 powder. Left) featuring powder surface. Right) X-ray line
trace of Ni (purple) and Y (yellow)

(MCB) method recently developed at West Virginia University, where the powders
are rotated in a drum with the Y2O3 under high rpm (2000–4000 rpm). This novel
MCB method enables to breakdown the strengthening phase (i.e. Y2O3) to nanosize
(<10 nm) and infuse the ultrafine Y2O3 into as-received gas atomized powder. The
advantage of MCB is the uniform dispersion of the strengthening phases.

The MCB process shows strong uniform bonding of the Y2O3 to the IN718
powder. A scanning electron microscope (SEM) micrograph of the MCB powder
is provided in Fig. 1, where the left image shows uniform distribution of the Y2O3

powder, and the right image shows the X-ray trace of a line profile of the powder
with Ni content in purple and Y content in yellow.

The powderwas subsequently direct energy deposited (DED)bySynergyAdditive
into 100 × 75 × 10 mm plates using a 90° cross hatching pattern between layers.
A total of four plates were manufactured. Two using IN718 powder (IN718-1 and
IN718-2) and two using the MCB Y2O3 718 (ODS718-1 and ODS718-2) powder.
Each of the two IN718 and ODS718 plates were built with different parameters. An
example plate deposited onto a 1018 steel substrate is shown in Fig. 2.

Microstructure coupons and tensile specimens were machined from the plates.
Tensile specimens had a gage diameter of 6.33 mm and gage length of 31 mm.
Tensile testing was conducted to ASTM E8 [5] and E21 [6] standards. The tensile
strain rate was 1·10–4 s−1 until 3% extension and 1·10–3 s−1 until failure. Tensile
tests were conducted on an Instron 8852 tensile frame with a clamshell furnace and
high-temperature extensometer. Instron Bluehill 3 software was used to analyze the
tensile data.

An FEI inspect F scanning electron microscope (SEM) was used to gather initial
microstructure images. ImageJ was used to analyze grain size and porosity. Grain
size was measured by the circular intercept method outlined in ATSM E112 [7].
However, only 7 mm of perimeter was measured, which is less than 25 mm recom-
mended by ASTM E112 [7]. Porosity was measured from a single field at 250X
and 4000X. ImageJ was used to apply a bandpass and thresholding filters, where
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Fig. 2 DED manufactured
IN718-2 plate on a 1018
substrate. Scale in inches

particle size analysis was automatically conducted by ImageJ. Energy-dispersive
X-ray spectroscopy (EDXS) mapping was conducted for a minimum of 45 min.

Specimens were tested as printed (AP), with 1080 °C for 1 h, and 1200 °C for
1 h homogenization heat treatment. Raghavan et al. [8] has shown the ductility for
selective lasermelted IN718 has improved after a 1200 °Chomogenization treatment.
Standard aging treatment of 720 °C for 8 h, furnace cooling to 620 °C, and holding
for 8 h and air cooling, was given to all specimens. At ThermoCalc simulation of
IN718 shows homogenization heat treatments at 1080 and 1200 °C is sufficient to
dissolve all microstructural phases except for a face centered cubic L12 carbide phase
at minor concentration, Fig. 3.

Fig. 3 ThermoCalc
simulation of IN718
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Results

Microstructure

The initial microstructures are shown in Fig. 4 for build parameter 1. The initial AP
microstructure (Fig. 4 top and bottom left) appeared dendritic with Nb and Mo rich
phases interspersed. X-ray energy dispersive spectroscopy (XEDS) spot analysis in
the SEM was used to determine the constituents of phases. A homogenization heat
treatment of 1080 °C (Fig. 4, top and bottom middle) dissolved the Nb & Mo rich
phases but retained a dendritic grain structure. At a homogenization heat treatment
of 1200 °C (Fig. 4 top and bottom right), the Nb & Mo rich phases also dissolved,
and additionally the grains have re-crystallized into a more equi-axial structure.

Due to the dendritic nature of the microstructure, grain size was only measured
for the specimens given a 1200 °C. For IN718-1 the grain size measured G-2.06
(157 μm average diameter), IN718-2 measured G-0.44 (275 μm average diameter),
ODS718-1 measured G-1.15 (215 μm average diameter) and ODS718-2 measured
G-2.48 (136 μm average diameter).

At low magnifications there are some 10–20 μm diameter pores present,
accounting for ~ 0.1−0.5% porosity, Fig. 5. The horizontal axis in Fig. 5 is the
homogenization heat treatment, with AP being in the as printed state. For IN718-1
and ODS718-1 the porosity was relatively constant with respect to homogenization

Fig. 4 Initialmicrostructure ofODS/718. Top left) IN718-1AP;Topmiddle) IN718-1with 1080 °C
homogenization; Top Right) IN718-1 with 1200 °C homogenization; Bottom left) ODS718-1 AP;
Bottom middle) ODS718-1 with 1080 °C homogenization; and Bottom right) ODS718-1 with
1200 °C homogenization
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Fig. 5 Porosity
measurements in % area
against homogenization
temperature. Inset from
IN718-1 alloy given the
1200 °C homogenization
heat treatment, representative
of the specimen porosity.
Measured at 250X

heat treatment. While for IN718-2 the porosity increased with increasing the applied
homogenization heat treatment. For ODS718-2 porosity peaked for the 1080 °C heat
treatment. It is suspected if more fields of view were measured the average porosity
would remain constant with respect to the applied homogenization temperature.

XEDS maps were taken of the initial microstructure, shown in Fig. 6, where the
left section is IN718-2 and the right section is ODS718-1. In Fig. 6, the columns are
representative of the heat treatment, with the left column as built, middle column
given 1080 °C for 1 h homogenization, and right column given 1200 °C for 1 h
homogenization. The rows represent the element measured, with the top row repre-
sentative of the backscatter electron image (BSE) and Cr, Mo, Nb, O, Ti, Al, and Y in
descending order. Nickel was omitted for brevity. Elements Nb and Mo overlapped
and showed the same patterns for all samples.

For the IN718, Fig. 6 left, the homogenization heat treatments removed the segre-
gation of Mo and Nb in the dendritic structure. The Mo and Nb were observed to
aggregate into discrete laves particles for both homogenization temperatures. Tita-
nium appears to aggregate with Mo and Nb in the laves phases at 1080 °C heat
treatment. At the higher 1200 °C heat treatment, titanium was also incorporated into
the laves phases, however, also seemed to be segregated in the matrix. At 1080 °C
the aluminum remained as discrete particles coincident with titanium; however, at
1200 °C homogenization temperature, the aluminum distribution appeared uniform,
absent a small Al-rich oxide. Only minor traces of oxygen were present in IN718,
likely coming from surface oxidation of the powder.

For the ODS718, Fig. 6 right, the homogenization heat treatments removed the
dendritic distribution ofMo and Nb. The Nb andMowere also observed to aggregate
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Fig. 6 XEDS maps of initial microstructure of IN718-2. Left column as printed; Middle column
given 1080 °C homogenization for 1 h; Right column given 1200 °C homogenization for 1 h. Rows
are labeled by element

into laves phases. Titanium appears to have no change in distribution after homoge-
nization. Al and O appear to aggregate together after both homogenization temper-
atures, suggesting the formation of Al-rich oxides. Faint contrast is showing some
yttrium discretization; however, it appears that the Y does not diffuse but remains
clustered in the dendritic Mo/Nb rich areas AP.
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Tensile Properties

Tensile tests were performed on the IN/ODS718 material. A temperature of 850 °C
was chosen as the tensile performance of IN718 is significantly reduced at this
temperature. A temperature of 1050 °C was chosen as it is above the γ’ and γ”
solvus temperature, leaving only the ODS and M23C6 carbides (Fig. 3) to strengthen
the matrix.

Tensile results are plotted in bar format in Fig. 7. In Fig. 7, the top row is the yield
strength in MPa, the middle row is UTS and the bottom row is the elongation. In
the left column of Fig. 7 are the tensile properties at 850 °C, while the right column
is at 1050 °C. Each homogenization heat treatment was grouped together, while the
individual alloys are plotted in different colors. Overall, yield and UTS are largely
unchanged between the alloys. Both at 850 and 1050 °C there are minor variations
in yield and UTS between IN718 and ODS718 for both build parameter set 1 and 2.

At 850 °C the initial homogenization temperature had significant effects on the
tensile properties. The yield and UTS were lowest for the AP specimens, while the
specimens given a homogenization heat treatment at 1200 °C for 1 h had the highest
yield and UTS. The opposite is true for the elongation, where the AP specimens
had the highest tensile elongation, and the specimens given a homogenization heat
treatment at 1200 °C for 1 h had the least elongation.

At 1050 °C the initial homogenization temperature had significant effects on the
yield and elongation tensile properties, but not the UTS. The yield strength for spec-
imens given a 1080 °C homogenization for 1 h had slightly higher yield strength and
approximately double the elongation than the specimens given at 1200 °C homoge-
nization for 1 h. The specimens given a 1200 °C homogenization for 1 h were tested
both at the ASTM standard tensile strain rate of 1·10–4 s−1 until 3% extension, and
1·10–3 s−1 until failure and a single strain rate (SST) of 1·10–4 s−1. The SST tests
had a higher yield strength and greater elongation than the dual strain rate test. The
ODS718 with build parameter set 1 had consistently less elongation than the other
alloys tested at 1050 °C.

Fracture Surfaces

Lowmagnification overviewof the fracture surfaces from the specimens tensile tested
at 1050 °C are provided in Fig. 8. Where the top row are specimens given a 1080 °C
homogenization heat treatment and the bottom row are specimens given a 1200 °C
homogenization heat treatment. The left two columns are standard IN718, while the
right two columns are ODS718. It is apparent that the specimens given a 1080 °C
homogenization heat treatment failed at dendrite boundaries. The specimens given a
1200 °C homogenization heat treatment still failed at apparent dendrite boundaries,
however, theywere broken up somewhat by recrystallization suggesting intergranular
failure modes. The ductility of the specimens given a 1080 °C homogenization heat
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Fig. 7 Bar chart of mechanical properties for IN/ODS718. Top left: Yield strength at 850 °C; Top
right: Yield strength at 1050 °C; Middle left: Ultimate tensile strength at 850 °C; Middle right:
Ultimate tensile strength at 1050 °C. Bottom left: Elongation at 850 °C, Bottom right: Elongation
at 1050 °C. SST = single strain rate, AP = as printed
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Fig. 8 Fracture surface overview for specimens tensile tested at 1050 °C. Top row: given 1080 °C
homogenization for 1 h; Bottom row: column given 1200 °C homogenization for 1 h; Columns
refer to alloy as labeled

treatment was much larger than the specimens given a 1200 °C homogenization heat
treatment.Comparing the top andbottom rowsofFig. 8, it is apparent that a significant
amount of the reduction in area occurred parallel to the growth direction of the
primary dendrite arms in the specimens homogenized at 1080 °C. The fracture profile
for each specimen in the top row of Fig. 8 appears contracted along the dendritic
direction. The most contracted specimen is IN718-2, which also corresponds to
the specimen with the most ductility (Fig. 7 bottom right). While the specimens
homogenized at 1200 °C have a rounder fracture profile.

High-magnification images of the fracture surfaces are provided in Fig. 9. The
reader is referred to Fig. 8 for detailed sub-figure descriptions. For the specimens
given 1080 °C homogenization heat treatment, the specimens failed at the dendritic
boundaries without any signs of ductility. Secondary cracking between dendrites is
also apparent. For the specimens given a 1200 °C homogenization heat treatment,
the apparent failure location is at grain boundaries also without any signs of ductility.
Some nodule-like features are present on all specimens at high-magnification, Fig. 9.
With the powder size ~ 50−60 μm in diameter (Fig. 1 left), these nodule features
are much too small to be related to fusion defects from the powder.
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Fig. 9 High-magnification fracture surface for specimens tensile tested at 1050 °C. Top row: given
1080 °C homogenization for 1 h; Bottom row: column given 1200 °C homogenization for 1 h;
Columns refer to alloy as labeled

Discussion

Microstructure Evolution

Application of a homogenization step prior to peak aging successfully reduced the
elemental distribution as expected for both IN718 and ODS718. The primary differ-
ences between the 1080 °C and 1200 °C 1 h heat homogenizations were at the
higher homogenization temperature the laves phases were larger and grains structure
changed from dendritic to somewhat equi-axed. This is also as expected as grain
growth is reported to occur above 1020 °C in IN718 [9]. For the ODS718, some
additional complexities involving the Y2O3 are discussed below.

Guo et al. [3] studied laser powder bed fusion (LPBF) Inconel 738 LC (IN738LC)
infused with 0.05 wt% Y2O3 nano-particles. Guo et al. used a homogenization heat
treatment of 1120 °C for 2 h followed by aging treatment of 850 °C for 24 h. Their
results showed an increase in UTS for the alloy when tested both at room temperature
and 850 °C.Additionally, Guo et al. showed variousY-Al-Nb-Zr-O compounds.With
no Zr in IN718, the Y-Al-Nb–O compounds are particularly relevant to this research.
Guo et al. showed Y4Al2O9 with formation energy of −300.4 eV, Y3NbAl2O9 with
formation energy of−514.75 eV, YNb3Al2O9 with formation energy of−211.41 eV,
and Nb4Al2O9 with formation energy of −190.6 eV. Yu et al. [4] showed evidence
of Y2Ti2O7 formation in a high-Al and Ti superalloy. Reviewing the AP and homog-
enized microstructures in Fig. 6, no oxygen compounds were observed in IN718.
Aluminum compounds formed with oxygen when given homogenization heat treat-
ments were given to ODS718 (Fig. 6). While Nb and Ti were in the vicinity of these
Y and O rich precipitates, EDS spot analysis of ODS718-1 with the 1080 °C homog-
enization shows oxygen rich areas of 51.1 at% O, 30.5 at% Al, 7.3 at% Ni, 3.9 at%
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Cr, 3 at% Fe, 1.8 at% Ti, and 1.4 at% Y. For ODS718-1 with an applied 1200 °C
homogenization heat treatment, the oxygen rich areas shows 65.7 at% O, 29.7 at%
Al, 1.4 at% Y, 1.35 at% Ti, 0.9 at% Ni, 0.6 at% Cr, and 0.4 at% Fe. This suggests
that the Y2O3 may be reacting with the matrix to form Al-Y–O compounds [3, 10].
Luu et al. [11] has reported complex carbo-nitrides may envelope Y2O3 cores and
coarsen, which may have also occurred in this research. Additional TEM character-
ization would confirm this speculation. Additionally, the Y2O3 may be robbing the
local microstructure of γ’ and γ” formers (Al and Ti), which may lead to reduction
of strength by denuding the local microstructure of the strengthening phase.

Tensile Properties

There were no significant changes in tensile properties between IN718 and ODS718
alloys for the same homogenization heat treatment. This suggests the Y2O3 additions
at 0.5%wt had a negligible effect on the tensile properties of the alloy.With the obser-
vation of Al-rich oxide precipitate in the matrix, its likely Y-Al-O compounds were
formed [3, 10]. This could have robbed the microstructure of γ’ forming elements,
weakening the alloy. This likely explains the small, but repeatable drop in yield
strength at 850 °C for the ODS718 homogenized alloys. The AP specimens did not
show a difference in yield strength at 850 °C between the IN718 and ODS718 alloys.
This confirms the heat treatment made small changes in the microstructure, reducing
the strength of the ODS718 slightly at 850 °C.

It has been reported that laves phases will dissolve at 1150 °C [12, 13]. TheNb and
Mo rich laves phases were observed in both alloys after homogenization at 1080 °C
and 1200 °C. The laves phases appear to have precipitated intra-granularly. Many
authors have reported detrimental mechanical properties where laves phases have
precipitated in IN718 [14–16]. Liu et al. [17] have shown that delta aging (890 °C
for 12 h) prior to homogenization breaks apart the laves phases into smaller particles.
This was not performed in this study. When comparing the size of the laves phases
in Fig. 6, they are smaller with the lower homogenization temperature of 1080 °C.
The relatively larger laves phases from the 1200 °C heat treatment likely explains
the reduction in elongation at the higher applied homogenization temperature.

Luu et al. [11] studied selective laser sintered IN718 with 0, 0.4, 1.0, and 1.5
wt% Y2O3 infused by ball milling. While their research was conducted at room
temperature, Luu et al. [11] did show 1 wt% Y2O3 to have the best combination
of elongation, yield, and UTS of the powder weights considered. Luu et al. [11]
contributed this to complex carbo-nitrides enveloping the Y2O3 particles ruining
their ability to strengthen the material through Orowan mechanisms. Furthermore,
Luu et al. [11] found the laves phases were minimized at 1% wt Y2O3. This may
suggest increasing theY2O3 content from0.5 to 1.0wt%may increase themechanical
performance at higher temperatures.
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Conclusion

As-received gas atomized Inconel 718 powder was infused with 0.5 wt% Y2O3

by a mechano-chemical bonding processing. The powder was then direct energy
deposited onto a substrate in plate form. Both the microstructure and mechanical
properties were investigated for the virgin and Y2O3 infused IN718 powders. The as
printed microstructure was dendritic and severely segregated. A minimal amount of
porosity was measured, between 0.1 and 0.5%. A homogenization heat treatment of
1080 °C for 1 h mitigated elemental segregation and increasing the homogenization
temperature to 1200 °C for 1 h induced some grain growth. For the Y2O3 infused
plates formation of Y-Al-rich oxides was observed after the homogenization heat
treatments.

The yield and ultimate tensile strength of the virgin powder exceeded that of
the Y2O3 infused powders for tensile tests at 850 °C. This was true regardless of
the homogenization temperature. At 1050 °C, the 1200 °C homogenization heat
treatment showed a very minor increase in yield strength. It is suspected that forma-
tion of Y-Al-O compounds robbed the microstructure of aluminum, which forms
the strengthener particle γ’, explaining the slight reduction in yield strength for
the ODS718 alloy. At the lower tensile test temperature of 850 °C, yield and ulti-
mate tensile strength improved equally for all IN718/ODS718 alloys with increasing
homogenization temperature. However, at the higher tensile test temperature of
1050 °C, the applied homogenization temperature had no influence on thesemechan-
ical properties. At both tensile temperatures, the elongation was reduced with
increasing applied homogenization temperature.

Further investigations are planned to increase the content of Y2O3 which is
anticipated to result in better tensile properties at 1050 °C.
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Effects of Scan Strategy Induced
Microstructural Differences
on Thin-Wall SLM IN718 Fatigue
Performance

Tracy Connor Varney, Md. Imran Noor, and Paul F. Rottmann

Abstract The as-printed microstructure of additively manufactured parts is a func-
tion of many variables that span from scan strategy to part geometry. This is particu-
larly relevant in precipitation strengthened alloys (e.g. IN718), as thermal history—
which itself varies across a build—dictates the distribution of precipitates in the
microstructure. Elucidation of the complex relationship between geometry, scan
strategy, and resultant microstructure is necessary to optimize future scan strate-
gies. In this study, a series of IN718 dogbone samples were printed via selective
laser melting at 0.8 mm in thickness using a contour + hatching scan strategy with
both rotating (67°) and static beam directions. To quantify the effect of subsurface
porosity on fatigue crack initiation, the as-built surface was left intact on the thin-
wall samples. As a reference, a 10 mm thick “bulk” sample was also printed and
had 0.8 mm thick dogbones removed from it. To investigate the influence of scan
strategy on the low-cycle fatigue (LCF) resistance of AM IN718, these samples were
tested to failure using a custom micromechanical test setup equipped with a linear
actuator and digital image correlation (DIC) to identify the onset of plasticity and the
initiation and propagation of fatigue cracks across the sample surfaces. The driving
hypothesis for this study is that the rotated scan strategy increases the fatigue resis-
tance due to a more uniform microstructure with smaller grains. As-printed defects
and fracture surfaces were characterized utilizing SEM imaging and DIC analysis
and compared to observations from mechanical testing.

Keywords Additive manufacturing · Fatigue performance · IN718

Introduction

Additive manufacturing (AM) enables the fabrication of complex structures that
are either impossible or impractical using conventional processing techniques. The
incorporation of additive parts into aerospace structures greatly aids lightweighting
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efforts due to this geometrical freedom in part design. The benefit of AM processing
brings with it substantial challenges, however. AM alloys, in general, differ substan-
tially from their conventionally manufactured counterparts [1]. Largely resulting
from multiple rapid thermal excursions required to locally melt and solidify the part
followed by extremely fast, uncontrolled cooling rates [1, 2]. This generates subop-
timal microstructures that are far from equilibrium, often possessing porosity and
atomic segregation [3–6]. This is of particular concern for alloys that depend on a
controlled microstructure for optimal properties, as is the case for Ni-based superal-
loys in which suboptimal thermal processing can result in poor homogenization of
elements and the formation of undesirable phases [2, 7, 8].

Another important factor to consider is the extent to which undesirable phases
will form at various locations across a part with complex geometry arising from the
variable thermal history [9, 10]. Yang et.al. demonstrated a significant departure from
‘bulk’ properties and microstructure in parts with thin walls (single track up to 10×
melt pool width); thin wall sections exhibited drastically different precipitate forma-
tion and microstructures based on the local beam conditions [2, 11]. The physical
rationale for this is that, unlike the bulk of the part, thin walls are mostly surrounded
by un-melted powder which conducts heat much slower than the solidified material
causing the cooling rate of thin walls to be orders of magnitude slower than the rest
of the part [2, 11, 12]. Unlike the long aging times of IN718 demonstrated by Theska
et al., these slower cooling rates have been shown by several groups (Mantri et al.,
Yang et al., Xiao et al.) to allow for the nucleation of brittle Laves and Delta phases
due to segregation of Nb and Mo [2, 3, 10, 12, 13]. While the formation of these
phases, to some degree, can be controlled by tuning process parameters the presence
of these phases in as-deposited AM structures to some extent is likely unavoidable.

Salzbrenner et al. showed in 17-4PH stainless steel that even when ignoring the
extremes seen in thin walls, the AM process is still very non-equilibrium when
compared to the standard wrought material, and as such, the properties can be highly
stochastic [14–16]. Gribbin et al. showed that in IN718, interestingly, the fatigue
strength of as-built samples was greater than the wrought samples at lower stress
amplitudes, but worse as the stress amplitude increases [17, 18]. They attributed
this to part porosity, inherit to AM, not contributing at lower stresses, but acting
as stress concentrators at the higher amplitudes resulting in premature failure [17].
Generally, as-built parts tested in fatigue have their surfaces machined away as the
normal contour-hatching based scan strategies are prone to generate porosity at the
interface between these regions, as well as the roughness leading to premature crack
initiation and failure [18, 19]. Gradl et al., among others, have shown that to utilize
the expanded geometrical freedom of AM, there will be areas where this type of
treatment is not possible [9, 20, 21]. The mechanical properties of these regions are
poorly understood evenwith research like that byCampione et al.,who studied fatigue
in as-built samples but like previously mentioned, the surface has been machined and
the actual initiation of the fatigue cracks was not considered given the use of compact
tension samples including a starter notch [22].

This paper will focus on the fatigue properties of thin wall Inconel 718 dogbone
samples printed using differing build strategies (aligned and rotated) to those of a
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“bulk” AM part. These tests were monitored using a digital image correlation system
allowing for the study of the crack initiation and evolution as the test progressed.
We hypothesize that the bulk samples will outperform both of the thin wall scan
strategies due to a reduction in the ability to initiate a crack, with the rotated samples
performing closer to bulk than the aligned samples. These mechanical results will be
backedupby representativeSEMimaging to further understandwhatmechanisms are
contributing to thematerial’s overall performance. This will all go towards furthering
the understanding of the interconnection between geometry, processing conditions,
and final part performance.

Methods

SLM Fabrication

The as-built tensile specimens were printed using an EOSM 290 SLM system using
their IN718 gas-atomized powder. The specimens were printed using two different
build strategies; “aligned” with no scan rotation and “rotated” which has a prescribed
67° hatching beam path rotation between layers. The aligned samples had the beam
direction roughly parallel to the width direction of each sample and both strategies
had 2 contour passes to improve the overall surface quality. Otherwise, the print
parameters between the different strategies are consistent with one another with both
using a beam power of 285Wwith a speed of 960 mm

s . Additionally, the samples share
a hatch spacing of 110 μm, a layer thickness of 40 μm, and a platform temperature
of 80 °C. The geometry and scan strategy differences are shown below in Fig. 1.
The test samples were printed in the same machine, during the same print run to
eliminate machine and build-to-build variability. Along with the printed thin walls,
4 bulk specimens were printed, two vertical and two horizontal with respect to the
build direction. The bulk samples were printed with the aligned build strategy.

Specimen Design and Preparation

All samples were printed vertically with respect to the build plate and to help with the
printability of this orientation, the samples had “shields” printed around them to take
up any stress caused by the recoater blade which are visible in the upper left of Fig. 2.
The as-built samples were small enough and the angle for the upper grip section was
shallow enough that support structures were unnecessary. The samples themselves
were designed to echo the ASTM E8 and E345 standards but in a miniature form.
Overall, the samples are 10 mm in length and 6 mm wide, with a gauge section that
is 1 mm in length, 1.25 mm wide, and a thickness of either 0.8 or 0.6 mm. Eight
of these dogbones were attached at the grips together to form a single row, with 3
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Fig. 1 Shows the sample geometry used on the left, and the different build strategies on the right.
The complete part geometry that was printed is visible in the upper left of Fig. 2

sets of 3 rows per “shield” for a total of 72 samples per thickness. To serve as a
point of comparison several dogbones of a similar size were removed from the bulk
samples by means of an electrical discharge machining setup (EDM). To remove
the EDM surface finished, the samples were low-stress ground and polished, and
then speckled using a white base paint and fine carbon powder to get good contrast
for digital image correlation described in section “Fatigue Testing”. Otherwise, no
post-processingwas carried out, and the sampleswere tested in the as-built condition.

Fatigue Testing

The samples were tested using a custom micromechanical setup. The whole setup
is controlled by a customizable python script that allows a large amount of testing
flexibility and is shown in Fig. 2.

The data in this research was collected using a Futek LSB302 load cell and
testing was controlled using a Transmotec DLA linear actuator powered by a JRK
G2 controller utilizing speed control. A linear air bearing was utilized to assist with
alignment andminimize friction.Vic-Gauge software, developed byCorrelated Solu-
tions, utilizes a Basler Ace acA2440 camera to collect 5MP monochrome images
at up to 75fps; for this study, images were acquired spanning the entire sample
surface initially every 30 cycles for the lower stress amplitude tests and 10 cycles
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Fig. 2 Labels the major components of the testing setup used in this research, in the inset in the
upper left is the “shield” geometry used during the fabrication of the as-built samples

for the higher stress samples. After a minimum number of cycles had passed, the
program switched to taking an image every cycle to better capture the localization
and propagation of failure in each sample. These images were taken by maintaining
displacement for 0.4 s at the peak of a given cycle to allow for the setup to settle at
which point an image was taken. The samples in this study were tested using a load
control scheme targeting the max load and the required minimum load to achieve
an R ratio between 0 and 0.1. The samples were initially loaded to the max stress
at a strain rate of 10−4/s after which they were cycled at a rate between 1 and 2 Hz
depending on the max load. Bulk samples were tested at 650 and 750 MPa while
as-built samples were tested at 650, 750, and 850 MPa.

Digital Image Correlation

The DIC system works by periodically taking an image of the sample surface, these
images can thenbe correlatedwith one another allowing for the extraction of displace-
ments to be calculated. To carry out this correlation, the sample surface must contain
a fine random pattern to have the proper contrast for the DIC system to correctly
track. This was simple for the as-built samples as the inherent surface roughness
worked well, however, scattering alumina powder on the polished bulk samples was
required. The software uses this surface contrast to project a grid of a given size
(subset size) onto the sample that contains several points (determined by the step
size or how far apart the data points are in pixels) and then as the sample deforms, so
to do the subsets and their data points. Utilizing continuum mechanics and running
this process across the entire surface allows for the displacements and strains to be
visualized as a map throughout a test. In these experiments, subset sizes from ~ 25
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up to~ 60px were used depending on the quality of the surface contrast, and a step
size of 2px was used as a balance between accuracy and analysis speed. The final
maps shown in this paper are representative of the local Lagrangian strain at each
point on the sample surface.

SEM Characterization

Representative samples from both scan strategies were selected utilizing the DIC
maps generated during testing, for fracture surface imaging. All imaging steps took
place in an FEI Helios Nanolab 660 SEM. The bulk of the imaging was carried out at
a beam voltage of 2 kV and a current of 0.20 nA utilizing both the Everhart–Thornley
Detector (ETD) and an Ion Conversion and Electron detector (ICE). Images were
taken at varying zoom levels and tilts to elucidate the mechanisms that dictated each
sample’s fatigue performance. The samples selected for SEM analysis were one of
each type (bulk, aligned, and rotated) at the 650 MPa stress level, as well as one of
each as-built sample (aligned and rotated) at the 850 MPa stress level.

Results

Fatigue Testing

As stated in section “SpecimenDesign and Preparation”, three dogbones of each type
(Aligned, Rotated, and Bulk) were tested at 650 and 750 MPa, with an additional
three of the as-built dogbones, also being tested at 850 MPa. This was carried out
using a load control scheme, with R ~ 0.1 at a frequency of between 1 and 2 Hz.
Figure 3 shows this data in terms of a standard SN-plot with arrows denoting runout
samples which were broken in uniaxial tension.

The average results for the fatigue testing can be found in Table 1. Exploring
these, at the higher stress amplitude of 850 MPa, the rotated samples while having
a similar average number of cycles (7513 versus 7773) were more consistent than
the aligned group having a standard deviation 34% smaller compared to the aligned
samples (1963 versus 4599). This trend generally continues for the other stress levels,
with the rotated and aligned samples having a similar number of cycles to failure but
with the rotated samples having lower standard deviation compared to the aligned
samples. This is confirmed statistically by considering thePvalues for the comparison
of each stress amplitude, which all end up much higher than the α = 0.05 level,
indicating no observed statistical difference from among the test populations. The
bulk samples, however, sustained more cycles to failure than both as-built groups as
well as exhibited reduced standard deviation of tested samples. This again is evident
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Fig. 3 Fatigue results of the
as-built and bulk dogbone
samples. Tests were carried
out at an R = 0.1 using a
load control scheme, at a
frequency between 1 and
2 Hz. The bulk samples that
exceeded 65,000 cycles and
were considered an outlier is
marked with an arrow

Table 1 Lists the average cycles to failure of each sample group as well as the standard deviation
of each as a measure of the scatter

Bulk Aligned as-built Rotated as-built

cycles StdDev cycles StdDev cycles StdDev

650 MPa 61,713 4648 40,870 14,155 39,660 8215

750 MPa 25,630 981 7810 1747 12,460 3336

850 MPa − − 7773 4599 7513 1963

in the T-test results with the bulk samples having an average P value of 0.038 when
compared to the aligned and rotated samples.

DIC Analysis

Significantly more information beyond the overall fatigue results described in
section “Fatigue Testing” can be obtained by analyzing the local strain of the samples
throughout the duration of the tests. Thiswas done using theDIC images taken during
testing, with which full strain maps were created. From these maps, virtual exten-
someters could be placed on the samples and strain vs. image plots were created.
Using the Vic-2D software, these full field strain maps were generated for every
frame allowing for the playback of each test while being able to observe strain local-
ization and failure of the sample. Figure 4 highlights distinct differences in two tests
that were performed by plotting the average strain across the sample as a function
of image number. Figure 4a, from the rotated 650 MPa sample, shows a typical plot
that exhibits expected behavior for such a plot: a gradual increase to a baseline level
of strain, followed by a long period of relatively constant strain, and lastly a short
portion of increasing strain until eventual failure. While these features are all present
in Fig. 4b, which is of the aligned 650 Mpa sample, the area in which the strain is
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Fig. 4 Shows the virtual extensometer strain as a function of image during the testing of the as-built
samples. Part a. shows the expected slow rise in strain until complete failure, of the 850Mpa rotated
sample while part b. shows the strain discontinuities observed in certain samples, this specifically
the 650 Mpa aligned sample

constant is interrupted by two discontinuous increases in strain at the 225th image
and 675th image. Further investigation into the DIC maps at these points confirms
that these discontinuous increases of strain were not setup related (e.g. slippage,
camera movements, etc.) and indeed reflect an increase in specimen strain.

Significantly more information can be obtained by analyzing the full 2D strain
maps to characterize the localization and propagation of plasticity and crack propa-
gation in these samples. For the majority of samples, localized deformation appeared
upon initial loading and continued to slowly increase until it accelerates as the mate-
rial begins to fail in tensile overloading mirroring the overall displacement behavior
showing in Fig. 4a. This behavior, shown via two frames of the DIC strain video of
the Rotated 850 Mpa, is summarized in Fig. 5a–c. Some samples, however, showed
more than one area of strain localization as the testing progressedwhich is best shown
by the 650Mpa rotated sample in Fig. 5d–f where the two areas are circled in yellow.

SEM Imaging

These results warranted further study of the sample fracture surfaces to explore the
differences seen in the cycles to failure and DIC. Overall, the fracture surfaces of
each sample appear similar; there is generally a distinct fatigue region that gives way
to the overloading region of the sample. The bulk sample as well as the two as-built
samples at the 650 Mpa stress amplitude had a larger fatigue region than the samples
studied at the 850 Mpa stress range which can be seen in Fig. 6. Additionally, these
samples exhibited a larger transition zone between pure fatigue striations and pure
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Fig. 5 a, b, and c showing the 850 Mpa aligned sample which only localized in one area with d,
e, and f showing the two strain localization areas present during its testing of the 650 Mpa rotated
sample, each highlighted with a yellow arrow

dimple fracture with these areas consisting of increasingly stochastic fatigue dimples
similarly to those detailed by Griebel [23].

Overall, when comparing both flat and tilted images of the fracture surfaces, at
a given stress level none are subjectively more tortuous than the others. Comparing
across stress levels, however, differences start to arise with the 650 MPa sample
fracture surfaces being relatively flat (constrained to 1 or 2 build layers) compared
to the surfaces from the 850 MPa sample which span several build layers and can be
seen in Fig. 7. In both cases at 850 MPa, the main fracture appears to have joined up
with other smaller surface cracks (several build layers away) during the final failure
of the sample. These surface cracks seem to nucleate on either a pore, or along a
layer boundary shown best in Fig. 7a.

Calculating the crack propagation rates using the fatigue striations results in small
differences between scan strategies and the bulk. The crack growth rates were calcu-
lated near the assumed initiation site, as well as within the transition zone between
fatigue and overloading. These results are presented in Table 2.

Based on the values in Table 2, it can be seen that the bulk sample had the slowest
crack growth of all the samples. The as-built samples show similar results to each
other but exhibit slightly faster crack growth than the bulk sample. Interestingly,
when calculating this in the transition zone, the opposite is true with the bulk sample
having the highest growth rate followed by the aligned samples and finally the rotated
samples having the slowest crack growth within the transition zone. The 850 MPa
aligned sample was omitted from this calculation as its transition zone was hard to
distinguish. An example of the striations can be seen in Fig. 8.
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Fig. 6 Presents SEM micrographs of the entire fracture surfaces, each containing a yellow curve
which denotes the approximate transition point between fatigue and overloading regions. a repre-
sents the bulk samples at 650 MPa, b and c are respectively aligned and rotated at 650 MPa, and d
and e are respectively Aligned and Rotated strategies at 850 MPa. These micrographs also depict
the reduction in fatigue area at 850 MPa when compared to the same samples at 650 MPa

Discussion

Given in Table 3 are the average yield and ultimate strengths for the samples tested
in this research which are from a paper currently in preparation for publishing [24].
This clearly shows that in uniaxial tension, the as-built samples, in the same surface
condition as this research, have a significantly higher yield and ultimate strength than
the bulk samples. Thiswas attributedmostly to the repeating columnarmicrostructure
present in the bulk samples similar to that observed by Wan et al. that was generally
absent in the as-built samples [25]. That is why, when compared to the fatigue results
in Fig. 3 and Table 1, the outcome is surprising that the bulk samples were able
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Fig. 7 Highlights with yellow arrows the smaller surface cracks that formed during fatigue testing
which the main crack joined up with in certain cases jumping several layers to do so. a shows a
micrograph of the aligned 850 MPa sample while b shows the rotated 850 MPa sample

Table 2 Details the measured average crack growth rate in units of μm/cycle for each sample near
the assumed initiation site as well as within the transition zone. The aligned 850 MPa sample was
omitted as the transition zone was hard to distinguish on the fracture surface

Units are in
μm/cycle

Bulk Aligned
650 MPa

Aligned
850 MPa

Rotated 650
Mpa

Rotated 850
Mpa

Initiation 0.0563 0.1302 0.1423 0.1583 0.1538

Transition 0.5927 0.5515 _ 0.4558 0.4240

Fig. 8 Depicts the fatigue
striations present in the
fatigue portion of the fracture
surface, in particular, this
micrograph is from the
rotated 850 MPa sample

to sustain on average 68.3% more cycles before failure than either of the as-built
samples even when they were tested at a higher percentage of the UTS. On top of
that, the bulk samples also managed to be more consistent with a 37.5% smaller
standard deviation across the two stress levels at which the bulk samples were tested.

This large increase in fatigue resistance, as well as a reduction in scatter is likely
due to the polished surface finish of the bulk samples. Removing the rough as-
built/EDM surface causes the energy required to initiate a crack to increase. Similar
towhatGribbin et al. saw in their testing, at the higher stress levels the as-built samples
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Table 3 Reports the average yield andultimate strengths of thematerials used in this study collected
over the course of several uniaxial tension experiments from a manuscript still being prepared for
publishing [24]

Bulk Aligned Rotated

Average yield strength (MPa) 571.3 657.7 709.1

Average ultimate strength (MPa) 799.3 992.8 1008.1

lost their lead over the wrought material which they attributed to the porosity in their
samples having a greater effect on the failure of the material at the higher stress levels
by means of stress concentration [17]. It is likely that a similar process is occurring
here, as the bulk samples are mostly devoid of printing defects and possess a polished
surface, while the as-built samples have been shown to contain subsurface porosity
as well as a rough surface from the SLM process. The difference in the ability to
initiate a crack allows for the weaker material in uniaxial tension (bulk samples) to
sustain a higher number of cycles before failing as it is harder for a crack to form
and propagate across the material.

Starting with the higher stress samples (850 MPa), this is most easily seen in
Figs. 6d-e and 7 where the surface roughness/porosity is evident. This high stress
level combined with a rough surface allows for the initiation of multiple cracks along
the surface. These cracks seem to have nucleated along layer boundaries, or in some
cases subsurface defects, and likely caused the premature failure of these samples as
multiple cracks were able to propagate into the material, sometimes joining the main
crack. Comparing the different build strategies at this stress level, while they have
similar numbers of cycles to failure, the rotated samples are much more consistent
having a 34% decrease in the scatter of samples. Further study is needed to confirm,
but as shown by Arisoy et al. using a 67° rotating scan strategy can result in a finer
grain structure and other researchers such as Nezhadfar et al. have shown a moderate
increase in fatigue performance with a refined, more equiaxed grain structure even
though a significant increase was not observed in this study [26, 27].

Again, shown in Fig. 6, the amount of area on the fracture surface occupied by
the fatigue crack varies with the stress amplitude that the sample was subjected to;
with the higher stress (850 MPa) samples having a reduced fatigue area compared
to the lower (650 MPa) samples. There is also a noticeable reduction in the amount
of fatigue dimples that are present, showing that the 850 MPa transitioned faster
between fatigue and overloading failure. This makes sense as the overall stress will
be higher as the area shrinks and will hit the material’s ultimate strength sooner as the
load bearing area decreases especially if the material has initiated multiple cracks.
Interestingly, however, at the 850 MPa stress level, the crack growth rate remains
similar to the 650 MPa samples, but not much can be learned from this as the growth
rate was only calculated for 2 samples, and this may not hold true for all samples.

Focusingon just the 650MPa samples, the fracture surfaces aremuch less tortuous,
and there is little evidence that more than the main crack was active in the material.
The fracture surfaces were flatter and generally stayed within one to two build layers.
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These samples were likely at a stress level low enough that multiple crack initia-
tions were unfavorable with only a main crack forming and continuing to propagate.
Surprisingly, this is backed up by an increase in the scatter of the samples. At this
stress level, if there only exists a single crack it is likely to be very dependent on
the defect composition of the sample. Take the aligned samples for example, of the
three tested the cycles to failure were 29,670, 32,100, and 60,840. This trend is also
seen in the rotated samples but to a lesser extent, with the worse performing samples
likely containing a similarly sized defect that the fatigue crack could readily initiate
on, while the higher performing sample happened to not include as large of a defect
and so it took longer for a crack to form and propagate.

This is visible in the DIC imaging as it is possible to pick out when a crack starts
to propagate across the material by the localization of the strain. For the aligned
samples, theworse performing samples quickly showed a localization of strainwhich
proceeded to increase until the sample failed. The sample with more cycles to failure
took longer to start localizing strain and it seemed to accumulate slower. This show
that even at the low spatial resolution of these tests, it is possible to see areas of
interest/smaller fatigue cracks as there will be multiple areas of localization on the
surface. This can help determine where further analysis of samples is needed, and
which samples may hold interesting areas of study. It was unfortunately not possible
to pinpoint exactly where the crack tip was in these samples like similar studies have
done likely due to the short distances involved and likely not having a high enough
spatial resolution [28].

Continuing with DIC, the strain discontinuities seen in Fig. 4b are likely the result
of these additional cracks forming in the material as the overall strain of the sample
increases. An example of this can be seen in d. of Fig. 5 where there are 2 areas
that initially start to localize strain before the larger area takes over for the final
failure. While it’s also possible that these discontinuities are a result of the main
crack running into and opening a large void, expanding the crack quickly, this was
not observed to be true on the fracture surface of the samples studied. The fracture
surfaces are relatively void free, with occasional small (~10-micron diameter) voids
present other than those connected to the surface.

Conclusions

Altogether, these results show that the thin wall samples fall behind the bulk mate-
rial in terms of fatigue performance, but by adjusting the scan strategy, and conse-
quently the thermal history of the parts, the resulting properties can be improved. By
combining this testing with DIC analysis and SEM imaging of the fracture surfaces,
this work moves towards creating a better understanding of the interconnection
between geometry, processing conditions, and part performance. Key findings are
summarized below.
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• While the bulk samples were weaker in uniaxial tension, they exhibited a greater
fatigue resistance than either of the as-built scan strategies having 68.3% higher
average cycles to failure across 650 and 750 MPa when compared to the highest
performing as-built samples likely due to a higher threshold for crack initiation
and reduced defect population.

• While having similar average cycles to failure, the rotated samples showed a
reduction in the scatter of the results having a standard deviation 34% smaller
across an average of all 3 stress amplitudes compared to the aligned samples.

• Fracture surface imaging showed that along with the main crack, several smaller
cracks were able to initiate on the surface of each sample, in some cases the
main crack went through several build layers to connect with these smaller cracks
likely leading to the sample’s premature failure. This also highlighted that the
850 MPa samples had a reduced fatigue area and transitioned faster from fatigue
to overloading failure.

• Digital image correlation (DIC) analysis allows for the determination of the
approximate crack initiation/evolution and highlights samples of further study
by showing multiple areas of strain localization as well as strain discontinuities
as the material generates new cracks.
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Characterization of Laser Powder Bed
Fusion of Nickel-Based Superalloy
Haynes 282
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and Joel Andersson

Abstract Nickel-based superalloy Haynes 282 specimens weremanufactured using
the Laser Powder Bed Fusion process with a powder layer thickness of 60 and 90
microns to study the effect of laser power, laser scan speed, and hatch distance on
the melt pool dimensions and porosity. The melt pool dimensions and porosity were
measured at the center of the cubes parallel to the build direction. Variation of melt
pool depth and overlap exist within the same sample signifying the scatter present
in the process. Laser scan speed was found to be the most significant parameter for
porosity and hatch distance was found to be the most significant parameter affecting
the averagemelt pool overlap depth in the cubes built with 60microns layer thickness.
Interaction of speed and hatch distancewas found to be themost significant parameter
for porosity and Laser scan speedwas themost significant parameter for averagemelt
pool overlap depth in cubes built with 90 microns layer thickness. Comparison of
measured responses with individual parameters provides partial trends of melt pool
dimensions and porosity. As the heat input is captured better in line energy and area
energy density, a better trend of the melt pool dimensions data and marginal trend
of porosity in comparison with energy densities is discussed. The ratio of maximum
length tominimum length of defects such as porosity and lack of fusion ismeasured to
determine the shape of the defects and averaged to provide insight into the dominant
shape of defect for a given set of parameters.
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Introduction

Haynes 282 is a Ni-based superalloy developed in 2005, targeting applications at
temperatures higher than 650°C combined with ease of manufacture (formability
and weldability). Haynes 282 is a γ’ strengthening alloy with sluggish precipita-
tion kinetics enabling the reduced loss of strength at high temperatures. The specific
applications include transition sections and exhaust sections of gas turbines. A rela-
tively low volume fraction (~19%) of γ’ for the given strength and creep resistance
provides good formability to the alloy, compared to Waspaloy and Rene 41 [1].

Powder Bed Fusion (PBF) additive manufacturing (AM) process is building
components layer by layer [2, 3]. PBF is advantageous over conventional manu-
facturing in producing components with design complexity. The heat source used
for the PBF of metals is usually a laser or electron beam. Powder Bed Fusion-Laser
Beam (PBF-LB) and Powder Bed Fusion-Electron Beam (PBF-EB) are the nomen-
clatures used in this manuscript, based on the heat source. PBF-LB is usually used
for components with finer features and smoother surfaces, but the process imparts
lesser energy into the powder particles due to reflection losses and a lower build rate
compared to PBF-EB. PBF-EB imparts more energy into the powder particles and
can build at a faster rate but with a lower resolution of surface features and roughness.
Pre-heating before the start of the build is also widely varied and affects the quality
of the build. PBF-EB can pre-heat the build plate and powder particles up to 1000°C
or even higher as necessary, by using the same energy source used for melting the
powder, whereas PBF-LBmachines typically have powder bed heating from the base
plate to around 200 °C. Recently, newer PBF-LB machines are developed that can
heat the build plate up to 1200 °C [2–4].

As the AM research of Nickel-based superalloys has matured over the years,
multiple research groups have worked on PBF-LB and PBF-EB characterization of
Alloy 718 [5–12]. Other superalloys have recently been explored and Haynes 282 is
one such alloy.

In a study by K. A. Unocic et al., PBF-EB of Haynes 282 was explored using
process parameters such as focus offset, hatch spacing, line order, and speed func-
tion (speed function controls the power and velocity of the beam), no cracks were
observed, with density ranging from 98.5 to 99.5%, suggesting low amount of
porosity [13]. Strong [001] texture and epitaxial grain growth was found parallel
to the build direction, caused by the direction of heat removal, although the scan
strategy can be varied to modify the texture [14].

PBF-LB of Haynes 282 was explored by multiple research groups based on
process parameters and post-treatment parameters with layer thickness ranging from
20 to 40μm [15–22]. Generally, no processability issues were found, given the good
weldability of the alloy [1], althoughBoswell et al., andHariharan et al. have reported
one or few microcracks. R. Otto et al. has reported multiple cracks in samples built
without powder bed heating, however, no cracks were reported in the samples built
with heated powder bed. Texture along [001] direction was found in the build direc-
tion as expected in the PBF-LB process. This reflects in the anisotropic grain size
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and mechanical properties in as-built conditions. Various types of post treatments
like hot isostatic pressing (HIP), conventional heat treatment (HT) used for wrought
alloys, and low-temperature aging have been shown to reduce the anisotropy and
comparable mechanical properties in horizontal (perpendicular to build direction)
and vertical (parallel to build direction) orientations [16–20].

There is more scope for the fundamental understanding of the PBF AM process,
and the effect of process parameters on Haynes 282 material. The heat distribution
during the PBF-LB process and the resultant melt pool behaviour and dimensions
have shown to be critical for process understanding through in-situmeasurements and
simulation of Ti-6Al-4V, SS316, and 718 alloys [23–25]. The current work intends to
study themelt pool dimensions and 2Dporosity parallel to build direction for samples
built with 60 microns and 90 microns layer thickness for various combinations of
process parameters for Haynes 282 alloy. This understanding of the effect of process
parameters on melt pool behaviour is expected to provide insights into the shape and
amount of porosity in the built part. This knowledge will be useful to characterize
the static and dynamic behaviour of components.

Methods and Manufacture

10 × 10 × 10 mm samples were manufactured using SLM 280 2.0 Twin-Laser
400W machine. The design of experiments was planned with the centre point at
Alloy 718 optimized parameters (theme) for a PBF-LB machine manufactured by
SLM Solutions Group AG. The theme uses a laser power of 350 W, laser beam scan
speed of 800 mm/s, and a hatch distance of 0.15 mm. Alloy 718 theme was set as
the centre point for 90 micron layer thickness as well, except 750 mm/s as the centre
point for speed, to increase the heat input. The alloy 718 theme was chosen as the
centre point of the experiment since the reflectance of laser incidence is similar for
the Haynes 282 and 718 powders with comparable size distribution [15]. The extent
of variation of various parameters for each sample is shown in Table 1. The process
was designed using MODDE software, with three replicates for the centre point,
similar to Adegoke et al. [26]. The focus parameter was maintained at +4 mm (laser
focal plane was approximately 4 mm above the build plate) for all the samples. The
nominal spot size was 80 microns and a focus offset of +4 mm results in a nominal
spot size calculated as 105 microns. The chemical composition of the HAYNES®
282®powder used in this study is given inTable 2. The powderwas produced through
vacuum induction melting followed by inert gas atomisation process using argon gas
in the same powder production equipment by Sandvik under special license from
Haynes International, Inc. The reported particle size distribution was D10 – 18.8μm,
D50 – 29.8 μm, and D90 – 46.3μm.

The samples were sectioned using Struers Secotom 10 cutting machine, parallel
to the build direction for characterization as shown in Fig. 1a. The typical metal-
lographic procedures for mounting, grinding, and polishing were followed with the
final polishing step of Mastermet 0.2 μm colloidal silica. Optical microscopy was
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Table 1 Process parameters used for samples manufactured with layer thickness of 60 microns
(A1–A17) and 90 microns (B1–B17)

ID Power (W) Speed
(mm/s)

Hatch
distance
(mm)

ID Power (W) Speed
(mm/s)

Hatch
distance
(mm)

A1 323.0 720.0 0.135 B1 323.0 550.0 0.132

A2 377.0 720.0 0.135 B2 377.0 550.0 0.132

A3 323.0 880.0 0.135 B3 323.0 950.0 0.132

A4 377.0 880.0 0.135 B4 377.0 950.0 0.132

A5 323.0 720.0 0.165 B5 323.0 550.0 0.168

A6 377.0 720.0 0.165 B6 377.0 550.0 0.168

A7 323.0 880.0 0.165 B7 323.0 950.0 0.168

A8 377.0 880.0 0.165 B8 377.0 950.0 0.168

A9 304.6 800.0 0.150 B9 304.6 750.0 0.150

A10 395.4 800.0 0.150 B10 395.4 750.0 0.150

A11 350.0 665.4 0.150 B11 350.0 413.6 0.150

A12 350.0 934.6 0.150 B12 350.0 1086.4 0.150

A13 350.0 800.0 0.125 B13 350.0 750.0 0.120

A14 350.0 800.0 0.175 B14 350.0 750.0 0.180

A15 350.0 800.0 0.150 B15 350.0 750.0 0.150

A16 350.0 800.0 0.150 B16 350.0 750.0 0.150

A17 350.0 800.0 0.150 B17 350.0 750.0 0.150

Table 2 Chemical composition of Haynes 282 powder used in this study

Element Cr Co Mo Ti Al Fe Mn Nb Si C B Ni O N

Wt% 18.94 9.5 8.3 2.04 1.44 0.2 0.17 0.16 0.12 0.07 0.0005 Bal. 0.011 0.004

performed using a Zeiss AXIO microscope and electron microscopy was performed
using a Zeiss EVO 50 Scanning Electron Microscope (SEM). The porosity measure-
ments were performed in the as-polished condition. The samples were electrolyti-
cally etched with 10% oxalic acid and 3V for ~5–10 s for melt pool imaging and
measurements.

A 7 × 7 mm square area was drawn centred on each sample, as shown in Fig. 1b
and the porosities were identified using a set threshold value in the Zeiss imaging
software. This area and the porosities within the 7× 7 mm square area on the sample
were utilized to calculate the defect area and other porosity-related measurements.

The top layer of the sample was imaged and used for measuring the depth
and overlap depth of the melt pool. At least ten measurements of depth and ten
measurements of overlap depth were performed for each sample as shown in Fig. 2.
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(a) (b)

Fig. 1 a 10 × 10 mm top surface of the cube sample is shown after sectioning, the blurred portion
at the bottom of the image is a marker for cube orientation in the machine. b The sectioned face is
mounted, ground, and polished for further analysis, including a 7 × 7 mm square (shown in red)
drawn on the centre of the cube for porosity analysis. The marker for cube orientation is seen on
the right side of the cube. The build direction is from the bottom to the top of the image on the right

(a)

(b)

Fig. 2 Melt pool depth and melt pool overlap depth measurements were performed for all the
samples. The example shown here is 60 micron A10 sample. a The melt pool depth was measured
until the bottom of the melt pool was in the topmost layer. bMelt pool overlap was measured to the
intersection of two melt pools from the top

Results and Discussion

Melt pool depth measurements varied between 100 and 350 microns and overlap
depth measurements varied between 50 and 300 microns as shown in Fig. 3 for
both 60 micron and 90 micron layer thickness. The extent of variation signifies the
inherent scatter on melt pool behaviour even with the same set of parameters [23,
24]. The variation of average melt pool dimensions with process parameters such as
power, speed, and hatch distance are presented for 60 micron and 90 micron samples
in Figs. 4, 5 and 6.
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(a)

(b)

Fig. 3 Variation of melt pool depth and melt pool overlap depth (a) 60 microns and (b) 90 microns.
Error bars signify the standard deviation of ten measurements in each sample

In the 60 micron and 90 micron samples, the influence of variation of power on
melt pool depth and overlap does not seem to follow any specific trend. The effect
of speed and hatch distance on the melt pool dimensions seems to have an overall
inverse relation as expected. The increase in speed reduces the dwell time of the
laser to interface with the melt pool resulting in lower values for melt pool depth
and melt pool overlap depth. The increase in hatch distance increases the distance
between two laser scan lines reducing the depth and overlap of the melt pool. The
increase in hatch distance and speed affects the cumulative heat along and across the
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Fig. 4 Variation of averagemelt pool dimensions with power for (a) 60microns and (b) 90microns
samples

laser scan lines resulting in reduced depth and overlap of melt pools. The variation of
average melt pool dimensions with a single value of power or speed or hatch distance
provides an insight into the possibilities of processmodifications. If the overall set-up
of manufacturing is either limited by the power of the laser, or reduced build time,
the process variations allow completely remelted layers to be produced in the final
samples or components to enhance part integrity.
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Fig. 5 Variation of average melt pool dimensions with Laser Scan Speed for (a) 60 microns and
(b) 90 microns samples

The effect of individual and combined parameters on porosity and melt pool
overlap depth studied using MODDE software similar to the 247LC study by
Adegoke et al. [26], is shown in Fig. 7. Laser scan speed was the most signifi-
cant parameter for porosity and hatch distance was the most significant parameter
affecting the average melt pool overlap depth in the cubes built with 60microns layer



Characterization of Laser Powder Bed Fusion of Nickel-Based … 561

A1

A2

A3 A4 A5

A6

A7

A8

A9

A10
A11

A12

A13

A14

A15 A16
A17

A1

A2

A3A4

A5

A6A7 A8A9

A10
A11

A12

A13
A14

A15
A16A17

0

50

100

150

200

250

300

350

0.10 0.12 0.14 0.16 0.18 0.20

M
el

t p
oo

l d
im

en
si

on
s (

μm
)

Hatch distance (mm)

Melt pool overlap depth Melt pool depth

B1

B2

B3

B4

B5

B6

B7

B8
B9

B10

B11

B12

B13

B14

B15

B16
B17

B1

B2

B3

B4

B5

B6

B7
B8B9

B10

B11

B12

B13

B14

B15
B…

B17

0

50

100

150

200

250

300

350

400

450

0.10 0.12 0.14 0.16 0.18 0.20

M
el

t p
oo

l d
im

en
si

on
s (

μm
)

Hatch distance (mm)

Melt pool overlap depth Melt pool depth

(a)

(b)

Fig. 6 Variation of average melt pool dimensions with Hatch distance for (a) 60 micron and (b) 90
micron samples

thickness. Interaction of speed and hatch distance was the most significant param-
eter for porosity and Laser scan speed was the most significant parameter for average
melt pool overlap depth in cubes built with 90 microns layer thickness. Although
the individual effect and combined effect of speed and hatch distance are apparent in
the graphs, there are some overlapping values with mixed effects of the parameters,
that can be separated further through line energy and area energy density, which
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are discussed later. It is also noted that the laser power classified as an insignifi-
cant parameter, may be valid within the tested parameter range of speed and hatch
distance, but the Laser power is imminent and important in the PBF-LB process. For
example, samples A9 and A10 and B9 and B10 have only the power parameter at
the extremes with the same values for all other parameters. The melt pool depth is
almost 50% higher and the melt pool overlap is almost 100% higher for samples A10
and B10, with higher power compared to A9 and B9, respectively.

Fig. 7 Coefficient of each factor with respect to porosity and melt pool overlap depth (MPOD)
analysed throughMODDE software for (a) 60 microns and (b) 90 microns samples. The significant
factors are shown in green and insignificant factors are shown in red. All the factors were considered
for both plots, but only significant factors are shown for 90 micron plot
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Line energy (Laser Power/Laser scan speed) considers the amount of energy
available in each laser scan line. Melt pool dimensions increased with increasing
line energy in general, although multiple values for the same line energy due to
the variation in hatch distance can be seen in Figs. 8 and 9, with A6 being a clear
outlier. To further include the effect of power, speed, and hatch distance in a single
parameter, the area energy (power divided by the product of speed and hatch distance)
is plotted against the melt pool dimensions in Fig. 10. Although there is not a distinct
trend, there is an overall increase in melt pool depth and the melt pool overlap depth
starting from 2 to 4 J/mm2 in 60 micron samples. For the 90 micron samples, the
trend remains the same, with 2 to 5 J/mm2, but the highest energy density sample
(B11) has marginally lesser melt pool overlap than the previous sample (B2). This
could be due to the onset of transition from conduction to keyhole mode of melting
due to higher energy input, or orientation of the previous laser scan layer or both. The
keyhole manifests in the microstructure as voids close to the bottom of the melt pool
due to the slow nature of the gas entrapment to exit the gas–liquid interface before the
collapse of the keyhole. There are a few outliers from the linear trend, especially A6,
which exhibited uneven top layer, either due to the scan strategy or inherent nature
of scatter present in the laser melting process as shown by Cunningham et al. [23],
resulting inmeasurements lesser than expected level for the given area energy. But the
overall effect of area energy in increasing themelt pool dimensions is understandable
given that the area energy captures the overall heat available in the given area of laser
scan.

All themelt pools had a conductionmodemelting due to the focus offset parameter
set to +4 for all the cubes. The focus plane of the laser was approximately 4 mm
above the build plate during the manufacture of the cubes. The defocussed beam
provides conduction mode melting even at high energy inputs [27].

The ferret ratio is a measure of the proportion of the largest line (between parallel
planes) that can be drawn inside a defect to that of the smallest line that can be
drawn inside the same defect. The intent behind this measurement is to provide an
idea about the shape of the defect. A ferret ratio of 1 signifies a circular defect and
the extent of the ratio less than 1 signifies the amount of linearity or non-circularity
of the defect. The shape of the defect is usually a critical factor during static or
cyclical loading. The ferret ratio varied between 0.7 and 1 for 60 micron samples
and 0.5 to 1 for 90 micron samples. The variation shows the extent of the variation
of process parameters and the resultant area energy of the 90 micron samples was
wider than that of 60 micron samples. If the shape of the defect is close to linear than
circular (designated by the difference in ferret ratio average from 1) the mechanical
behaviour, especially fatigue properties are expected to be lower depending on the
loading direction. The ferret ratio was averaged for each sample based on the defects
present in the sample, that are greater than 100 μm2 in area, to reduce the skewing
of data based on small spherical pores or particles present.

The porosity measurement and ferret ratio for porosities with an area greater than
100μm2 against area energy is plotted in Fig. 11. All the porosity values were below
1% for 60 micron layer thickness samples. All the porosity values were below 4%
for 90 micron layer thickness samples. The increase in layer thickness could be the
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Fig. 8 Variation of (a) average melt pool depth and (b) melt pool overlap with line energy. The
colours represent various hatch distance settings. A15, A16, and A17 are samples with the same
process parameter settings

reason for the increase in porosity levels. The general PBF-LB processability for
structurally integral parts using Haynes 282 is good within the process parameter
range chosen and the type of build tilized in this study. Although the porosity is low
for 60 micron samples and varied for 90 micron samples, it is a measure using a 2D
section of the cube, so further volumetric analysis can provide more insights into
the defect distribution. In general, the “porosity seem” to reduce with increased area
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Fig. 9 Variation of (a) average melt pool depth and (b) melt pool overlap with line energy. The
colours represent various hatch distance settings. B15, B16, and B17 are samples with the same
process parameter settings

energy density and melt pool overlap depth, possibly due to the increased remelting
of underlying layers.

From Figs. 10 and 11, themelt pool overlap depth can be correlated to the porosity
level and to the ferret ratio average. The lack of fusion porosity is expected to be
minimised when the overlap depth is at least equal or greater than the layer thickness,
due to the repeated remelting of the underlying layer and filling in the lack of fusion
if present [28]. In this study, only one sample (A7) in 60 micron sample study and
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Fig. 10 Variation of average melt pool depth and melt pool overlap depth with area energy for
(a) 60 micron and (b) 90 micron samples

about 4–5 samples in 90 micron study seem to have melt pool overlap less than the
layer thickness. In 60micron samples, A7 seems to have the lowest melt pool overlap
and highest porosity. The same is true for 90 micron sample B7. The SEM images
shown in Fig. 12 show the lack of fusion prevalent in those samples, more so in B7
due to the higher layer thickness. It is also noticeable that the samples having melt
pool overlap depth lesser than or equal to layer thickness also have a ferret ratio of
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Fig. 11 Variation of porosity and ferret ratio average of defects with area >100 μm2 with area
energy density for (a) 60 micron and (b) 90 micron samples

0.7 or lower, hinting at more linear defects than round defects predominantly due to
lack of fusion. This correlation of melt pool overlap depth with porosity level and
dominant shape of the defects present can be utilized in planning different process
parameters as per the limitations of the machine.
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(a) (b)

Fig. 12 SEM image of samples (a) A7 and (b) B7 showing lack of fusion defects due to the lowest
energy input in the respective set of experiments. The build direction is from the bottom to the top
of the image

Conclusion

In this study, the effect of individual process parameters on melt pool dimensions
and porosity was analysed. Although individual or combined parameters of speed
and hatch distance were found to be the most significant parameter for different layer
thicknesses, line energy and area energy density were shown to better correlate to
the trends of the melt pool dimensions, porosity level, and average shape of defects.
The area energy density captures the overall heat incident on the powder particles
and hence provides the best parameter to determine the melt pool behaviour and the
resultant integrity of the built components. The variation of melt pool dimensions
can be used to determine the layer thickness and building time trade off, between
layer thickness and hatch distance. If higher laser power is available, the higher layer
thickness can be used at a lower hatch distance and still have a reasonable building
time. If the laser power is limited, then to optimize build time, hatch distance and
layer thickness can be varied without compromising on quality of the build. We have
addressed the first part of the trade off, showing even if the hatch distance is lower,
higher layer thickness can be used to improve the build rate. The melt pool overlap
depth in comparison to layer thickness can be correlated to the porosity level and the
dominant shape of the defects present.
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Investigating the Influence of Build
Parameters and Porosity on Fatigue
of AM IN718

Alexander Caputo, Richard W. Neu, Chaitanya Vallabh, Xiayun Zhao,
and Haolin Zhang

Abstract Using laser powder bed fusion additive manufacturing (L-PBF AM), a
series of 10 sample walls were made, sectioned into fatigue specimens, and tested
using high cycle fatigue (HCF) testing with a stress ratio of 0.1 at 538 °C. Each
wall was built with a different process pedigree, or set of process parameters, both
to explore the effects of different process regimes (conduction, transition, keyhole)
on the porosity and microstructure of AM IN718 and to serve as a database of
AM process conditions and their resultant defects. The internal porosity in the
full gage regions of all fatigue specimens was characterized prior to HCF testing
using X-ray computed tomography. Following fatigue testing, SEM fractography
was used to identify the locations of fatigue critical flaws that led to failure. Using
the data acquired in this work, the relationships between fatigue performance of
IN718 at high temperature and the process conditions and associated porosity will
be interpreted. These relationships could be adapted and used in a quality assurance
model for L-PBF AM IN718.
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Introduction

Additivemanufacturing provides an innovative solution formodern engineering chal-
lenges, but with all the potential gains, this technology can provide some challenges
need to be overcome. The microstructure and properties of additively manufactured
materials are dependent on the local process parameters experienced by any specific
region of the build, the thermal history and fluctuations caused by subsequent layers,
and the conditions of the previous layer surface they are printed on. The localized
microstructure dependence is due to the variance of process parameters around the
build plate and build volume.Whether it be preferential spatter downwind of the inert
gas flow, poor powder spreading along the recoater blade path, laser intensity vari-
ance caused by vapor clouds created during the melting step, or localized increases
or decreases in volumetric energy density caused by part geometries, there are many
types of nonuniformities introduced during the additive process that cause localized
variance in process conditions [1–5]. While we can conduct studies to determine the
optimum process parameters for a certain material, we cannot trust that all regions
of the build will experience these optimized parameters as the AM process currently
stands [6, 7]. It is because of this understanding that this work is being conducted.
We are developing an effective means for quality assurance for AM parts so that
even with all the localized variance in process parameters and the defects in the
microstructure created by them, we will still be able to qualify the fatigue properties
of AM IN718 components. This work is also contributing to a longer-term goal of
creating a system capable of recognizing defects in real time and correcting them.

Due to the prevalence of IN718 in aerospace and energy turbine manufacturing,
AM of this alloy yields a specific advantage compared to conventional methods. Not
only does AM enable the manufacturing of complex geometries impossible through
conventional IN718 forming methods, but also the increased design freedom and
the speed of prototyping new components provided by AM help to foster more
innovation and efficiency. In turbine-based applications where fatigue becomes the
critical property, in addition to new design freedoms, AM introduces microstructural
anomalies in the form of porosity and unconventional grain structures which can
have a dramatic effect on the spread of the fatigue lives of components.

In tandem with this work, multiple in-process monitoring systems are employed
during the L-PBF AM process to track the laser shape and temperature as well as its
position and any spatter it might generate [8, 9]. These in-process data will be asso-
ciated with post-process X-ray computed tomography (XCT) and scanning electron
microscope (SEM)-based electron backscatter diffraction (EBSD) characterization
conducted on a set of L-PBF AM IN718 components with varying combinations of
optimal and non-optimal process parameters. Using these data and the correlations
between in-situ monitoring and ex-situ characterization, the relationships between
the in-situ monitoring and fatigue properties can be determined with the goal of
creating a system capable of certifying part quality from in-situ monitoring. It is by
studying the relationships between the in-process monitoring data, the post-process
data, and the fatigue properties that we will be able to develop a system capable of
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efficiently assuring the quality of the part as soon as it is taken off the build plate
[8, 9].

Due to the nature ofAM-induced anomalies in the IN718microstructure, studies in
the literature have shown that AM IN718 can have fatigue performance significantly
less than that of its wrought counterpart [10–14], though other studies show that
optimum processing can result in fatigue performance directly comparable to that
of wrought [12, 14]. This large variance is expected due to the stochastic nature
of fatigue, but the inconsistencies in the manufacturing and testing of AM alloys
in general, IN718 included, further inflate this variance. This work aims to gauge
a statistically significant amount of AM IN718 specimens from varying process
conditions using the same surface condition and testing apparatus to understand the
distribution of fatigue behavior without many of the confounding factors found when
compiling results from other studies.

Previous works conducted by Scime and Beuth have shown that in-process moni-
toring data can be directly correlated to post-process characterization in L-PBF AM
IN718 [15, 16]. Li et al. has used similar methods to derive relationships between
process-induced defects and fatigue properties of Ti-6Al-4 V [17]. Through these
works in tandem, it has been shown that linkages between process monitoring data
and process-induced defects can be correlated directly to the fatigue behavior of
metallic AM alloys. In work by Luo et al. they have shown that porosity in AM
IN718 can be used to understand and predict fatigue properties [18]. Luo has solid-
ified that porosity specifically can influence the fatigue behavior of AM IN718.
Through these studies, the framework applied in this work has proven successful for
other properties and material systems.

Motivated by these other studies in the field, this work aims to understand how
AMmaterial microstructure is related to fatigue properties in IN718 through various
in-process and post-process techniques [19].

The goal of this work is to understand the relationship between the post-process
characterization data and the fatigue properties of the AM IN718. To achieve this
end, x-ray computed tomography characterization of AM IN718 fatigue specimens
is analyzed in relation to their fracture surfaces and their respective fatigue lives. The
findings of this work are directly contributing to the larger goal of establishing an
effective quality assurance method for AM materials using the in-process data.

Methods

Build Plate Layout

The L-PBF AM IN718 fatigue specimens were extracted from a single build in an
EOS M290 DMLS printer running EOSPRINT 2.6. The AM machine runs using
a 1 Yb single mode fiber laser with a max power of 400 W running continuously.



574 A. Caputo et al.

The fatigue specimens were extracted from 16 sample walls of dimension 77.07 ×
8 × 80 mm and with cross section in shape of fatigue specimens manufactured each
using different process pedigrees, or build parameter combinations. Their geometry
and locations on the build plate are shown in Fig. 1. For this work specifically, only
process pedigrees 6 through 15were used because the other process pedigree samples
were unfortunately lost in shipping. Some contextual information relevant to Fig. 1
is that inert Ar gas flow is from the top to the bottom in the image, or from the back to
the front in the machine, and the recoater blade direction is from the right to the left.
The relevant process parameters and their respective volumetric energy densities are
calculated by the equation

VED = P

t ∗ v ∗ h

where P is laser power in W, t is layer thickness in μm, which is 40 μm for all
pedigrees, v is scanning speed in mm/s, h is hatch spacing in μm, and VED is the
volumetric energy density given in J/mm3; shown in Table 1. The physical meaning
of most process parameters is simple, but to be complete: laser power is the target
power set for the laser as it scans the bulk of the sample, this parameter is altered
by machine subroutines for contour scans, Layer thickness is the distance the build
platemoves downbetween subsequent layers. Scanning speed is the absolute velocity
of the continuous laser spot as it rasters through the 2D sample geometries. Hatch
spacing is the distance between the centers of adjacent laser paths. It is relevant
to note here that while the hatch spacing varies from 80 to 120 μm, the laser spot
size was 100 μm on average. The final relevant build parameters that are consistent
through each process pedigree are the scanning strategy which involved stripes with

Fig. 1 Image of sample
walls before removal from
build plate with front of
machine at the bottom
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Table 1 Process pedigrees listed with their corresponding AM process parameters and calculated
volumetric energy densities

Process
pedigree

Process regime Power (W) Scan speed
(mm/s)

Hatch spacing
(µm)

Volumetric
energy density
(J/mm3)

6 Transition 300 1000 110 68.18

7 Keyhole 350 1000 110 79.55

8 Keyhole 200 500 110 90.91

9 Keyhole 250 500 110 113.64

10 Keyhole 300 500 110 136.36

11 Conduction 200 1000 80 62.50

12 Conduction 200 1000 120 41.67

13 Keyhole 250 500 80 156.25

14 Keyhole 250 500 120 104.17

15 Conduction 200 1500 110 30.30

a 67 ◦ rotation between layers. The build plate was C45 carbon steel and preheated
to 80 ◦C. The metal powder was IN718 with a size range of 20–63 μm created by
vacuum induction melting and inert gas atomization by VDM (Werdohl, Germany)
but was not virgin powder in this build and had a reuse fraction of roughly 80%. The
combinations of the process parameters used across these different pedigrees amount
to three main process regimes: the conduction, transition, and keyhole regime. The
differentiating factor demarking these regimes is the way the laser interacts with
the metal powder. In the conduction regime, shallow melt pools are created due to
the lesser heat input. In the keyhole regime, the melt pools created are deep and
turbulent due to high heat input that even causes metal vaporization. The heat input
of the conduction regime often manifests in the creation of a lack of fusion porosity,
while the heat input of the transition regime often manifests in keyhole pores of
trapped gas. The transition regime between these extremes can contain defects from
both, and its melt pool morphology reflects aspects of both as well. The defects
common in these regimes are displayed in Fig. 2 adapted from Mostafaei et al. [20].

In-process Monitoring

Collaborators on this work developed and implemented an in-process monitoring
system composed of two cameras: an on-axis camera set up with a beam splitter to
track the melt pool size, shape, and temperature, and an off-axis camera to track laser
position and any occurrences of spatter as shown in Fig. 3. These systems in tandem
are used to register the in-process monitoring data to the sample specific coordinate
axes. It is planned to later investigate the relationships between the data acquired
in-process and the post-process data described in this work.
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Fig. 2 Process window diagram showing the different process regimes for IN718 with corre-
sponding characteristic porosities adapted from Mostafaei et al. [20]

Fig. 3 Schematic of the on-axis and off-axis in-process monitoring cameras

Sample Heat Treatment Procedure

In order to fit into the tube furnace used for heat treatments, each samplewall was first
sectioned at half the build height, which was the 80 mm dimension. To preserve the
microstructure resulting directly from the AM build conditions, the heat treatment
procedure chosen for this work was a direct age procedure involving no homoge-
nization or solution heat treatment steps prior to aging. This direct age treatment
promotes the formation of strengthening γ ′ and γ ′′ precipitates while preserving
the as-built microstructure. The protocol consisted of heating all sectioned sample
walls in a tube furnace in an Ar atmosphere at 720 ◦C for 8 h with a furnace cool to
620 ◦Cand held for 8 h before air cooling to room temperature [21–23]. No additional
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processing, such as hot isostatically pressing, was performed prior to sectioning into
fatigue and microstructure specimens.

Sample Sectioning Procedure and Surface Preparation

All sample walls were sectioned into fatigue specimens after being heat treated. Each
nominally 2 mm thick specimen was cut from each build wall using wire electrical
discharge machining. This results in a fatigue specimen with gage section volume
of 2 × 2 × 6 mm. Each of this dogbone fatigue is loaded along the 6 mm direction
with the build direction being in one of the 2 mm transverse directions. Hence, the
fatigue properties are measured perpendicular to the build direction.

The exact location where each specimen was chosen specifically corresponds
with the in-process monitoring data taken during the AM process. The nominal build
heights for each letter are A starting at 78 mm, B at 75.98 mm, C at 72.3 mm, D at
49.7 mm, E at 47.46 mm, F at 43.5 mm, G at 35.7 mm, H at 32.3 mm, I at 28.5 mm,
J at 4.1 mm, and K at 2.14 mm. An example sample wall with fatigue specimen
geometriesmarked is illustrated in Fig. 4. The heightswhere each alphabetical fatigue
specimens were sectioned from were chosen specifically to coincide with layers that
were monitored by in-process systems during the build.

After sectioning, each fatigue specimen was prepared for XCT and fatigue testing
by polishing the gage region surface to a near mirror finish. After the nominal thick-
ness and width of the fatigue specimen, the gage region is measured and recorded
using a Dremel head mounted in a drill press; all specimen surfaces were polished

Fig. 4 Square cross section
fatigue specimen geometry
in relation to the sample
walls with all dimensions
given in mm
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using Struers SiC polishing pads from P60 to P4000 grit (European) to eliminate
surface roughness and wire EDM induced microstructural changes from impacting
the fatigue performance.After polishing, the gage regions aremeasured again to track
the thickness of the material being removed. The goal of the study was not to focus
on how the surface condition of AM samples affects fatigue performance, but rather
to focus on how internal defects observable through in-process and post-process
characterization affect fatigue.

XCT Machine Parameters and Data Processing

Prior to fatigue testing, every specimen is characterized by XCT to map all porosity
within the gage region. The machine used in this study was a Zeiss Metrotom 800
130 kV (Oberkochen, Germany) running Zeiss Metrotom OS. All relevant machine
parameters are given inTable 2. TheZeissMetrotomOShandled theXCT reconstruc-
tion by utilizing the Feldkamp-David-Kress reconstruction algorithm and a Shepp-
Logan digital filter. The exported reconstruction was processed using the Drag-
onfly software (Version 2021.3.0.1069) by Object Research Systems (Montreal, QC,
Canada). In Dragonfly, the XCT reconstruction was registered with the build plate
coordinate system, and the centroid of the gage region was translated to be centered
at the origin. Using the manual segmentation tools in Dragonfly, all porosity within
the 6 × 2 × 2 mm gage region was identified and quantified. The pore segmentation
was conducted manually using the intensity histograms of each XCT reconstruction,
all porosity was verified by visually inspecting all XCT cross-sectional slices. All
porosity smaller than three voxels was filtered out to eliminate incorrectly segmented
local perturbations in the reconstruction voxel intensity. For all segmented porosity,
the data detailing their volume, number of voxels, aspect ratio, XYZ coordinates,
max/mean/min Feret diameter, and relative distance from specimen surface (created
using a distance map illustrated in Fig. 5) are exported for use in later machine
learning training. In this distance map, the intensity of each pixel increases linearly
with respect to the minimum distance from the outer surface, demarcated by the red
outline near the edges of the figure. Using distance maps like this, the porosity in
fatigue specimens was labeled by the minimum distance to the surface and colorized
accordingly with purple being the closest and red being the furthest.

High Temperature High Cycle Fatigue Testing Procedure

After XCT porosity characterization, all specimens were subjected to high temper-
ature high cycle fatigue (HCF) testing to simulate the operating environment and
loading conditions that would be experienced by IN718 in turbine-based applica-
tions and is the test condition that is most notch sensitive. All testing in this work
was conducted in force control on an MTS model 370 servohydraulic test system
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Table 2 XCT machine
specific parameters

Parameter Value

Voxel size 8 μm

Focal spot size 8 μm

Voltage 130 kV

Current 61 μA

No. projections 800–900

Physical filter 0.25 mm, Cu

Fig. 5 XCT slice section of
specimen 8 K showing the
specimen surface and a
distance map with intensity
increasing linearly with
distance from the surface

(Eden Prairie,MN,USA). Specimenswere gripped using hydraulic wedge grips with
serrated steel inserts using 1.6 mm annealed Cu shims to prevent fatigue specimens
from a fracture in the grip section. Guides were used to ensure the alignment of
fatigue specimens between the wedge grips. The guides were installed using a flat
calibration specimen and a level to insure vertical alignment of fatigue specimens.
The HCF test conditions comprised of a stress ratio (R) of 0.1, a maximum stress
(σmax) of 690 MPa, and a loading frequency of 20 Hz with a sinusoidal wave form
at 538 ◦C facilitated by induction heating in lab air. The test stress was chosen to
ensure fatigue failure which occurred in under 2 million cycles per MMPDS data
[24]. Failure was defined by specimen separation. The unique induction coil used
for these sub-sized specimens, shown in Fig. 6, provided a uniform temperature
distribution in the gage section while allowing access for measurement of strain. It
was powered by an Ambrell HOTSHOT 3.5 kW power supply unit (Rochester, NY,
USA) with its voltage input moderated by a temperature controller with feedback
from a thermocouple spot welded near the top and bottom of the gage region shown
in Fig. 6.
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Fig. 6 Fatigue specimen
gripped in test system
detailing the induction coil
design with thermocouple
locations

SEM Fractography Procedure

All post-mortem fractography of fatigue samples was conducted on a TESCAN
Mira FE-SEM (Brno, Czech Republic) using a secondary electron detector and an
acceleration voltage of 10 kV. Specimens were cleaned with an acetone solution in
an ultrasonic cleaner for 5 min immediately prior to imaging the fracture surface in
the SEM to eliminate organic matter contamination that may have been deposited
during specimen testing and storage.

Results and Discussion

XCT Analysis

The segmented porosity data acquired through XCT analysis yielded direct volume
measures of every pore using the number of voxels present in each tied to the calcu-
lated size of each voxel determined by the respective position of the specimen and
the detector in the XCT. Using all the measured volume of porosity within each
sample, the volume fraction of porosity was calculated by dividing the cumulative
volume of all porosity within the gage region of a given specimen by the idealized
volume of the 2 × 2 × 6 mm gage region. The corresponding data is plotted with
respect to the nominal VED of each specimen in Fig. 7. It is readily apparent in
this plot that there is a range of volumetric energy densities within which porosity is
minimized. Specimens from samples 6, 7, 11, and 12 which all lie within this range
have noticeably less porosity than others, but as shown in the fatigue section later,
the amount of porosity is not only the sole contributor to the mechanical properties of
each specimen, but the location and shape of the porosity, as well as the underlying
grain structure of the specimens, also influence the fatigue lives.
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Fig. 7 Plot depicting the
relationship between
volumetric energy density
and volume fraction of
porosity inside the gage
region of each specimen
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The transition between the conduction regime and its associated anomalies, and
the keyhole regime and its associated anomalies is depicted in this VED range where
porosity is minimized as shown in Fig. 8. In process pedigree 15, pores are gener-
ally large, irregularly shaped, and often interconnected. As the VED increases, in
pedigree 12, some evidence of localized lack of fusion porosity is observed, but it
is infrequent. Over the transition between conduction and keyhole regime through
pedigrees 11, 6, and 7, porosity is minimized and almost entirely relegated to the
surfaces where local thermal perturbations from contouring scans and turns in the
laser path rastering createdpores. In pedigree 8, spherical keyhole porosity is apparent
throughout the microstructure. Figure 8 illustrates the change in the amount of
porosity and morphology of porosity observed between these process pedigrees.

Using the distance maps like the one shown in Fig. 5, the porosity of each fatigue
specimen was ascribed an intensity value directly related to the minimum distance
between the pore and the nearest surface. These intensity values were generated
using the distance map by assigning the minimum intensity value of all distance
map voxels within the pore volume to the pore itself. These intensity values scale
linearly with respect to distance from the surface, but since the cross-sectional area
of each specimen is slightly different due to the machining and surface polishing
procedure, the quantitative distances of these intensity values vary slightly from
sample to sample. To expand upon this, Fig. 9 shows a plot of the number of pores
with respect to their relative distance from the surface for multiple process pedigrees.
It is pertinent to note here that the radial volume decreases as you move from the
surface of the sample towards the center of the sample, and thus the number of pores
observed decreases alongwith the decreasing volume as the distance from the surface
increases. This aside, the data show that between the different process regimes, there
is an observable difference in how the porosity manifests in the specimens. Many of
the keyhole regime and the transition regime specimens have more pores near the
surface and less pores as you move away from the surface, seen in Fig. 8 as well,
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Fig. 8 XCT cross sections of the gage regions of fatigue specimens from a lower range of VEDs
presented with pertinent process parameters. The build direction for all specimens is on the page

more than the general trend of decreasing porosity. This contrasts directly with the
conduction regime specimens which have significantly less porosity directly at the
surface and more porosity at a moderate distance from the surface. This difference
in cross-sectional area-wise distribution of porosity can have a direct effect on the
fatigue behavior due to the creation of stress concentrations near the surface acting
as crack initiation sites for eventual fatigue failure.

The difference in porosity distribution can likely be ascribed to how the corners
of the rastering path of the laser affect the locally observed process parameters. In
conduction regime samples where the local areal/volumetric energy density is less
then optimal, having the laser spend more time in a local spot as it turns around
causes a localized increase in energy density which helps to better melt the powder.

Fig. 9 Plot depicting the
relationship between the
number of pores and the
relative distance from the
polished as-built surfaces in
the specimen gage section
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This effect combines with the contouring scan to further improve the local process
conditions near the edges of specimens which causes many low VED samples, espe-
cially those from sample 15, to have little to no porosity near the as-built edges of
the build wall as seen in Fig. 9. This helpful increase in energy density observed in
conduction regime samples is directly contrasted by the increase in porosity in the
keyhole and transition regime specimens. When the local energy density is at or a
bit above the optimal process conditions to minimize porosity, as it is in keyhole
regime samples, a local increase caused by the ends of the raster path in addition to
the contouring scans can serve to locally induce more keyhole porosity. The number
of keyhole pores near the as-built surfaces of these specimens is further reinforced
when operating the laser in the keyhole mode since the turns at the end of the raster
paths can lead to the collapse of the keyhole melt pool and leave behind additional
porosity.

Fatigue

With respect to the fatigue life of the AM IN718 specimens, there are many
contributing factors. Fatigue properties are especially sensitive to surface defects
due to the nature of how fatigue cracks nucleate and grow, so the location of pores,
along with their size and shape, are especially pertinent to understand their effect on
fatigue. The general shape of porosity in additively manufactured IN718 can range
from highly irregular and often sharp lack of fusion defects, produced in regions
where VED is too low to properly fuse adjacent layers in the conduction regime, to
near-spherical keyhole porosity, that can be generated while operating in the keyhole
regime. Figure 10 contains cropped lack of fusion and keyhole porosity. Irregular
lack of fusion defects are more deleterious to fatigue performance due to their often
sharp geometry which acts as an easy site for crack nucleation while the keyhole
porosity, which serves as a site for stress concentration, must first sharpen before it
can serve as a site for crack nucleation. The amount of porosity appears to be highly
correlated to fatigue life for specimens with higher degrees of porosity (>0.01) with
only a few outliers as shown in Fig. 11. These outliers (from pedigrees 8, 10, and
14) with moderate porosity but high fatigue lives are specimens that while having
many pores, lack a large, sharp critical defect to significantly decrement their fatigue
life. The fatigue lives of specimens with more porosity in the specimen gage region
are lower; however, this does not tell the whole story. It is not simply the amount of
porosity that decreases the fatigue life, but the increased amount of porosity creates
a higher probability of a sharp critical defect appearing near the surface of a spec-
imen. For this reason, in specimens with minimal porosity (<0.01), there is scatter in
fatigue lives ranging from 100 K to nearly 2 M cycles. Specimens with only a small
volume fraction of porosity still have a finite chance of having a critical pore in a
location to cause early fatigue failure. It is for this reason that efficient quality assur-
ance methods are so necessary. If a specimen has minimal porosity but there exists
a sizeable pore in a location that experiences extreme stress states during operation,
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that component should not be cleared for use. On the other hand, if porosity exists
in an AM component, but the regions that experience the most extreme stresses are
devoid of critical porosity, the component should be cleared for use.

The fatigue data is plotted on a stress-life plot in Fig. 12. Plotted alongside the test
specimen data are fatigue life predictions from the NASGRO fatigue crack growth

Fig. 10 Segmented porosity showing of lack of fusion pores (left) and keyhole pores (right) found
in specimens from pedigree 7 and 8, respectively. The build direction is to the right and out of the
page, and the loading direction is vertical
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Fig. 11 Plot depicting the relationship between volume fraction of porosity and fatigue life
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software (Southwest Research Institute, San Antonio, TX, USA). For the predic-
tions, semi-circular cracks with radii varying from 0.01 to 0.5 mm were placed
along one of the sides of the specimen and grown through cyclic fatigue until either
the stress intensity of the crack reached the fracture toughness value or net section
yielding occurred. The radii used correspond to different initial sizes of perfectly
sharp cracks and were considered to generate a family of stress-life curves that
reflect the range of expected AM defect sizes. The fatigue crack growth data used in
the model was a representative wrought IN718 available in the NASGRO software
database (Q3LBB3AA18) that underwent a similar heat treatment (with a solution
treat step) tested at the same temperature, 538 ◦C. Since in the NASGRO model,
the cracks are perfectly sharp, they required no crack incubation and sharpening
prior to growth. Therefore, the predictions from NASGRO should be conservative,
especially when the porosity in AM samples has spherical morphologies and crack
incubation and nucleation are required prior to growth and failure. By comparing
the NASGRO predictions with the actual lives, a measure of the incubation life
can be obtained since real cracks require sharpening prior to growth but NASGRO
flaws grow immediately upon loading. On the other extreme, similarly, heat treated
(had solution treatment), unnotched wrought IN718 tested at 538 ◦C extracted from
MMPDS [24] is shownwhich provides an upper bound on the fatigue lives of the AM
samples. The curve extracted from the MMPDS data was collected by interpolating
the data from specimens tested at adjacent mean stresses with stress ratios of 0 and
0.2. Shown in Fig. 12, the fatigue lives of the tested specimens span a range between
the NASGRO predictions and the MMPDS data with some specimens performing
nearly identically to wrought IN718. The range in fatigue performance is assuredly
due to the various levels and locations of porosity throughout all specimens, further
analysis of porosity and its effects on the fatigue lives is ongoing. The fatigue life data
are deconvoluted in Fig. 13 where the fatigue lives of all specimens in the S–N plot
are plotted with respect to their volumetric energy density. While again, volumetric
energy density cannot be used as a sole parameter to describe fatigue life, it does show
that there exists a threshold of roughly 40 J/mm3 below which fatigue lives are dras-
tically decremented. While above this threshold, fatigue lives are longer due to the
reduced porosity of the gage regions. This difference in porosity observed is shown
in Fig. 8 where specimens from pedigrees 6, 7, 11, and 12 have drastically reduced
amounts of porosity when compared to pedigrees 8 and 15. It can also be observed
that there appears to be an additional threshold of approximately 90 J/mm3 above
which fatigue lives are slightly decremented. The cause of this threshold is not clear.
Specimens from sample 8 (90 J/mm3) lie below it, while specimens from samples
14 (104 J/mm3) and 9 (114 J/mm3) lie above it. Between these three specimens, as
shown in Fig. 14, the porosity within the gage region is dramatically different in
frequency, size, and location.
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Fig. 13 Plot showing the effect of volumetric energy density on fatigue life of AM specimens

Fractography

Fractography shows that fatigue cracks can initiate from both porous and crystallo-
graphic microstructural features. While some results in this work indicate that the
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Fig. 14 XCT cross sections of specimens 8 J (680 K cycles), 9 J (285 K cycles), and 14 J (470 K
cycles), with porosity colorized by mean Feret diameter

fatigue life of AM IN718 can be highly correlated to the amount of porosity within
the gage region of a dogbone specimen, the fractographic analysis further reinforces
the fact that this is not the entire picture. Higher volume fractions of porosity lead to
a higher probability that a pore of critical size or shape will be located close to the
surface, but the probability of these defects appearing in specimens with low volume
fractions of porosity is not zero. In the fracture surfaces of specimens 6 J in Figs. 15
and 11K in Fig. 16, the angular faceted nature around the fatigue crack initiation site
indicates that there was a locally vulnerable crystallographic slip system near the
surface that led to eventual failure, not an AM induced pore near the surface. This
type of fatigue failure is comparable to the mechanisms seen in wrought IN718 [25,
26]. The angular nature of the fracture surface in and around where fatigue cracks
appear to initiate in these specimens is evidence that the cracks originated from cyclic
slip along certain crystallographic planes within grains with slip systems oriented
most favorablywith respect to the loadingdirectionnear the surface. In-depth analysis
of themicrostructure of each process pedigree using EBSD is ongoing. Alternatively,
the fracture surfaces of specimens 8 J (0.8% porosity), 13 J (0.04% porosity), and 9 J
(0.01%) in Figs. 15 and 16 show evidence that fatigue cracks initiated from locations
that had both a large pore and a locally vulnerable slip system due to the faceted
surfaces surrounding one or more pores. Conversely to other specimens, the large,
sharp, irregular nature of the porosity present in the microstructure of specimen 15 J
quickly led to failure from crack initiation from multiple sites simultaneously.

Conclusions

In this work, IN718 fatigue specimens created by L-PBF AM with various process
pedigrees were heat treated by direct aging then characterized by XCT and tested in
HCF at high temperature. The effects of the location, size, and shape of porosity
within the AM microstructure on the fatigue life were explored. The following
conclusions were drawn from this work:

(1) For AM IN718, the process pedigree has a direct effect on the geometry of
porosity and how porosity tends to be distributed in the cross section of fatigue
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Fig. 15 SE-SEM images of the fracture surfaces at low and high magnification for specimens 6 J
(800 K cycles), 8 J (680 K cycles), and 9 J (285 K cycles) oriented with the build direction pointed
down

Fig. 16 SE-SEM images of the fracture surfaces at low and high magnification for specimens 11 K
(1.46 M cycles), 13 J (1.26 M cycles), and 15 J (3.1 K cycles) oriented with the build direction
pointed down
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specimens. Spherical porosity generated in the keyhole regime is less detri-
mental to fatigue than the irregular shaped lack of fusion defects prevalent in
the conduction regime.

(2) Local increases in VED near the as-built surface of specimens caused by
contouring scans and the turns in the laser rastering path can serve to reduce
the presence of porosity near the surface in conduction regime samples while
increasing the amount of porosity near the surface in transition and keyhole
regime samples.

(3) There appears to be a range of VEDs across various process regimes where
porosity can be minimized within the microstructure. In this transition regime,
the fatigue strengths are approaching those of the wrought material with similar
age treatment.

(4) While there is a general inverse relationship between the volume fraction of
porosity within the gage region and the fatigue life of the AM IN718 specimen,
the fatigue lives cannot be correlated simplywith the volume fraction of porosity
alone. The morphology, location, and size of porosity are also important. Pores
near the surface with irregular or sharp morphologies are more detrimental.

(5) Fatigue crack initiation in AM IN718 occurs due to either transgranular cyclic
shear in particularly vulnerable grains, due to stress concentrations created by
sharp pores near the surface of the fatigue specimens, or some combination of
both mechanisms.
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Correlating Alloy Inconel 718
Solidification Microstructure to Local
Thermal History Using Laser Powder
Bed Fusion Process Monitoring
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Timothy Smith, Fan Zhang, Mohammed Shafae, and Andrew Wessman

Abstract Additive manufacturing processes such as laser powder bed fusion
produce material by localized melting of a powder feedstock layer by layer. The
small melt pools and high energy density generate very different microstructures in
nickel superalloys when compared to more traditional cast or wrought processing,
including features such as cellular structures and epitaxial grain growth. The features
of thesemicrostructures vary depending on local thermal history, alloy chemistry, and
processing parameters. There is a need to develop a systematic understanding of the
influence the local thermal conditions during solidification have on the resulting
microstructure. Such understanding will be useful in predicting and ultimately
avoiding microstructural defects such as undesirable phases or non-optimal grain
structures. In this work, in-situ Longwave Infrared imaging of a laser powder bed
fusion process is used to characterize the local thermal conditions throughout addi-
tively manufactured builds for alloy IN718 processed using systematically varied
process parameters. This information is then correlated to observations of the
microstructural features of these alloys in the as-built condition. This correlation
analysis shows clear influence of the local thermal conditions during solidification
on the dimensions of the dendritic microstructures formed during the build process
for IN718. These dendritic structures arise due to segregation of elements such as
niobium during solidification, an observation which can be predicted using a Scheil
modeling approach.
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Introduction

Nickel-based superalloys are known for maintaining strength, toughness, fatigue
performance and resistance to corrosion and oxidation at elevated temperature and
pressure. These properties make nickel-based superalloys key materials in turbine
engines for aircraft and power generation. Some components of gas turbines require
complex geometries for which nickel-based superalloys can be difficult to machine
and fabricate. Additive manufacturing (AM), a method that builds parts in layer-wise
process, enables the production of parts with complex geometries where traditional
manufacturingmethods have limited ability. Thus, AM, especially Laser Powder Bed
Fusion (LPBF), has found growing applications in fabricating intricate part geome-
tries with hard-to-machine metals used in aviation and aerospace [1, 2]. In a LPBF
system, as the focused laser beam scans each layer of powder, it melts the powder
into the shape of the cross section of the part to form the designed 3D model. This
building process generatesmicrostructures with features including cellular structures
and epitaxial grain growth which is very different from those formed in traditional
processes such as forging and casting. The local thermal history, alloy chemistry, and
processing parameters all contribute to the features of the microstructures. In this
work, the local thermal conditions during the LPBF building process of alloy IN718
are recorded using in-situ process monitoring system for different parts built using
varying process parameters. The monitoring data is correlated to the microstruc-
tural features of these alloys in the as-built condition characterized by electron
microscopy and optical microscopy. This information is then compared to computa-
tional modeling of the segregation and dendrite structures formed during the solidi-
fication. This together moves towards developing a deeper systematic understanding
of the interplay between local thermal condition variation during solidification and
the resulting microstructure. This will allow for better process designs to mitigate
not only macroscopic defects such as porosity and cracks but also microstructural
defects such as undesirable phases or non-optimal grain structures.

General Background on LPBF of 718

IN718 is a common nickel-based superalloy. IN718 is a precipitation hardening alloy,
its excellent mechanical properties benefit from the precipitation phase γ ′′ (Ni3Nb).
For the last few decades, IN718 has been used in components such as casings, shafts,
disks and compressor blades and vanes of jet engines [3, 4]

The deposition of layers in LPBF involves highly localized laser energy input,
high laser scanning velocity and short interaction time with the melt pool. These
conditions result in large thermal gradients and high cooling rates during the solidi-
fication and thus cause directional grain growth accompanied by micro-segregation
and precipitation of metastable phases. Studies on IN718 fabricated by LPBF have
shown epitaxial columnar dendrites approximately along the build direction [4–6]. In
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the as-built material, carbides and Laves precipitates were found in the interdendritic
spaces with segregation of niobium, titanium, and molybdenum [4, 7–9], and the
presence of γ ′ was indicated by XRD in [10]. After heat treatment, partial recrys-
tallization and homogenization may occur depending on the temperature and γ ′, γ ′′
and δ precipitates were found at the grain boundaries [4, 7, 11, 13–15]

Observations of Solidification Structures of AM
Superalloys-Rene 65, IN625, Mar-M-247, CM247LC, Rene
108, IN738

Similar solidification structures have been found in some nickel-based superalloys
whose chemistries are similar to IN718. For example, Wessman et al. [12] studied
the microstructure of Rene 65, a γ ′ strengthened alloy, processed by LPBF. Cellular
dendritic structures rich in γ ′ forming elements were found in the as-built material.
The microstructures developed in heat treatment at temperature below and above γ ′
solvus were examined. The subsolvus grains still showed some elongation (aspect
ratio about 1.5) in the build direction. The supersolvus grains were close to equiaxed.
Both heat treated microstructures showed a multimodal distribution of γ ′ precipi-
tates, and the supersolvus material had a generally finer distribution than subsolvus
material. IN625 is a solid solution strengthened alloy. The as-built LPBF IN625
consists of cellular dendrites and elongated grains in the build direction [13]. Amato
et al. observed columnar arrays of fine γ′′ nanoparticles along the boundaries of
the melt pool [14]. C247LC is a nickel-based superalloy considered hard to weld
due to the high Ti and Al content and is susceptible to strain-age cracking. Boswell
et al. observed finγ ′ cellular dendrites interspersed with carbides at cell and grain
boundaries in LPBF fabricated CM247LC heat treated below 700 °C [15]. After heat
treatment above 750 °C up to 975 °C, precipitation of intra-cellular γ ′, γ ′ films at
cell and grain boundaries and M23C6 carbides at grain boundaries were observed.
Alloy IN738LC has poor weldability and is susceptible to hot cracking as well.
In the study of IN738LC by Rickenbacher et al. [16], dendrite structures with no
distinct γ ′ precipitates were found in the as-built condition. A unimodal γ ′ distribu-
tion was developed after solution and aging heat treatment. When the hot isostatic
pressing (HIP) was applied before solution and aging heat treatments a bi-modal γ ′
distribution with fine secondary γ ′ between coarser γ ′ precipitates was observed.
Microcracks formed during LPBF process can be reduced by HIP.
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Modeling of Solidification Structures in AM, Emphasis
on Superalloys

Although the essentials of AM process make the grains prone to grow into columnar
dendrites, the transition of columnar to fine equiaxed grains is found at the top of
each layer in some experiments. In the publications of Bermingham et al. [17] and
Prasad et al. [18], the mechanisms of nucleation and grain growth in AM process
have been studied by modeling the microstructures formed during solidification.
Their research concluded that the growth of equiaxed grains requires: a low temper-
ature gradient G, a high cooling rate and an alloy containing grain refining solute and
potent nucleant particles. These conclusions are in accordance with what is demon-
strated in the experiments. For instance, Zhang et al. [19] reported the columnar to
equiaxed transition (CET) at the top of each layer where the temperature gradient is
low and the cooling rate is high during laser melting deposition (LMD) of Ti-2Al-
7Mo alloy. Hadadzadeh et al. [20] reported that the CET in cylindrical samples of
AlSi10Mg alloy produced by direct metal laser sintering (another name for LPBF) is
dependent on the build direction. Bermingham et al. [21] reported a mix of columnar
and equiaxed grains in titanium alloys containing La2O3 particles fabricated by a
wire arc AM process. While these models describe the mechanisms that drive grain
structure formation, so far there is limited work available on modeling the formation
of solidification structures such as cellular dendrites in LPBF manufactured nickel
superalloys.

General Background on Process Monitoring in LPBF

The development of in-situ process monitoring and control will remarkably improve
the robustness of the AM process and the quality of additively manufactured parts.
The basic idea of in-situ monitoring in the LPBF process is to collect the informa-
tion of “process signatures” associated with the melt pool and surrounding heat
affected zone (HAZ). Process signatures can include electromagnetic signatures
such as plasma emission/absorption, reflected/scattered light, and radiated light [22].
Prior research has also examined acoustic signatures, and the frequency response of
acoustic signals has shown correlation with several weld quality metrics and process
phenomena, such as keyhole formation, plasma formation, and crackpropagation [22,
23].Due to practical system integration limitations, there has been limited research on
the adoption of acoustic monitoring in LPBF system. The electromagnetic signals
can be used to determine the melt pool geometry, temperature, cooling rate and
thermal history in the HAZ. Many in-process monitoring systems based on electro-
magnetic sensing have been developed for LPBF. The electromagnetic sensors could
include photodiodes [24, 25], pyrometry [25], and visible light or infrared cameras
[26]. In the work of Berumen et al. [24], a high-speed camera and a photodiode has
been utilized to measure the dimension of the melt pool and mean radiation emitted
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respectively. With this method, only the active area in LPBF is monitored. Single
channel detectors such as photodiodes and pyrometers have small field of view but
high sensitivity, fast data collection speed and low cost [22]. The cameras using CCD
or COMS detectors, either visible or IR, enable the spatial resolution of imaging and
thus allow the mapping of the build area in LPBF. However, the cameras have slower
response time than single-channel detectors and post processing of data is a great
challenge [22, 24].

In this work, we will utilize in-situ process monitoring data streams to describe
the local thermal history and its effect on microstructure formation in PBF-LB builds
of IN718. In particular, we will use Longwave Infrared data to construct the time–
temperature history at locations throughout a designed experiment and correlate these
histories with features of solidification structures such as dendrite spacing that are
determined by cooling rates during the solidification process. In this study we will
use a designed experiment with intentional variation of energy density, but in contrast
to most prior studies that have taken this approach wewill allow for relativelymodest
variation in process parameters such that the majority of the material studied will
be free from defects such as cracks and porosity and our analysis will focus on the
variation in microstructure seen in as-built materials that would be generally deemed
of high quality by end users.

Experimental Methods

All parts in this studywere builtwith gas atomizedpowder. The chemical composition
of the IN718 powder provided by the manufacturer is given in Table 1. The IN718
samples were built using a custom designed and fabricated PBF-LB test bed by Open
Additive. This machine has a notional build volume of 6′′ by 6′′ by 6′′ delivering
the 1070 nm fiber laser light via a SCANLAB varioSCAN and intelliSCAN which
enables coaxial meltpool thermal imaging. Each IN718 sample is 10 mm tall–the
bottom 7 mm is inverted pyramid shaped, and the top 3 mm is square cuboid shaped
with 10 × 10 mm square cross-section. The samples were built with varied laser
power and laser scanning velocity. All samples were built with 30 μm build layers
using a 70 μm hatch spacing within a 5 mm tile size in a hatch strip approach.
The 7 mm tall, inverted pyramid structured base of each sample was built with a
common parameter using a 175W laser power and 1100 mm/s scan speed to reduce
the effects of proximity to the build plate heat sink in the samples. The top square
cuboid portion of each sample was built with varying processing condition in the
experiment by varying laser power and scan speed across the experimental layout.
The layout of the samples is illustrated in Fig. 1, samples with varied parameters are
assigned ID from 11 to 88.
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Table 1 Composition of IN718 powder

Element Al C Co Cr Fe Mo N Nb Ni O S Si Ti

wt.% 0.44 0.03 0.03 19.23 18.04 3.06 0.01 5.12 52.85 0.02 0.002 0.02 0.94

Fig. 1 Layout and building
parameters for IN718

Process Monitoring Methods

Themachine used to create themetallurgical samples was equipped with OpenAddi-
tive’s AMSENSE sensing and analytics platform outfitted with both commercially
available and R&D sensors. There was Longwave IR, thermal tomography, spatter,
recoat imaging, galvo position data, and coaxial melt pool thermal imaging recorded
for each build.

Recoat imaging takes an image before and after recoat using a standard silicon
based CMOS sensor. White light LEDs are used for illumination and the optical
filtration is just to prevent the passage of laser light. These images reveal insights
into the quality of the recoat process including short feeds, damaged recoater blades,
part peel up, or other process anomalies that can disturb the layer of powder. Thermal
tomography is also a silicon based CMOS camera that images the entire powder bed
while beingfiltered to being sensitive only in theNear IR (NIR)with a long integration
time of 250 ms and a frame rate of 4 fps. Individual images are stitched together to
create a composite image on a layer-wise basis. Thermal tomography is sensitive to
many process anomalies such as spatter events, uneven gas flow, and part warping
among many others. The spatter camera is also a silicon CMOS filtered for the same
band in the NIR but has a shorter integration time and operates at 150 fps. Typical
exposure times are on the order of 500 μs but for extremely bright materials such
as tungsten can be as low as 25 μs. A GPU accelerated analytic works to detect the
presence of slow-moving hot objects, referred to as ‘welded spatter’ that tend to get
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incorporated into the resultant microstructure and given their mass much larger than
individual powder particles result in Lack of Fusion (LOF). Other metadata from
the images is also measured and logged in an HDF5 file for post process analysis as
desired.

Longwave IR imaging is a valuable tool for measuring the temporal dynamics of
the solid state cooling in the LPBF process. By its nature, LWIR imaging is done off
axis typically viewing the process through a germaniumwindow. The Optris PI640 is
a VGA resolutionmicrobolometer that can run at 32 Hz, is sensitive from 7 to 13μm,
and has four temperature ranges that will measure as low as −20–1500 °C. The
temperatures returned from this camera are useful for relative temperature changes
but absolute temperatures can vary by 50 °C or more due to changes or ambiguity
in the material’s emissivity. For the builds, the camera was run at full resolution at
32 Hz in the 150–900 °C range for its full duration. The field of view captured the
whole build area allowing different parts to be segmented from the data set.

Coaxial melt pool thermal imaging is accomplished using a NIR filtered CMOS
camera that has been blackbody calibrated to return temperature measurements. It is
windowed down to run between 1000 and 1500 Hz depending on application and for
these builds was set to 1000 Hz. The camera is situated so that it images down the
beamline and before the scanner such that the field of view of the camera is always
centered on the melt pool. To enable registration of the images to their location on
the build an FPGA was developed that records the commanded scanner position and
is written to disk in a CSV file. Using the time stamps of the galvo positions and the
melt pool images enable registration of one to the other facilitating more detailed
analysis.

Metallurgical Analysis

The sampleswere removed from the build plate and cut along center x–z cross section
by a wire EDM machine. The sectioned samples were mounted in phenolic resin by
compression mounting process. Samples for microstructure analysis were prepared
using metallographic methods including successive grinding using 240, 320, 400,
600, 800 and 1200 grit silicon carbide papers. Final polishingwas performed progres-
sively with 9 micron diamond slurry, 1 micron diamond slurry and 0.05 micron
Alumina abrasive paste. The porosity in the as-polished x–z cross section was exam-
ined by KEYENCE VHX-700 optical microscope. IN718 samples were electrolyti-
cally etched in 10% phosphoric acid solution at 2.5 V. A TESCANMIRA3 Scanning
Electron Microscope (SEM) with Schottky field emission gun (FEG) was used to
characterize the microstructures including epitaxial grains, cellular dendrite spacing,
and micro-segregation.
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Image Analysis Methods

The porositywasmeasured by the opticalmicroscope based on the contrast difference
between the holes and surrounding the surface. The measurement of the dendrite
spacing was performed on the SEM micrographs of the x–z cross sections at 10kx
magnification using the image analysis software ImageJ. On the 10kx SEM images,
clusters of cellular dendrites growing over a couple of melt pools along z axis (build
direction) were targeted. The width of each cluster was measured and the number
of dendrites within each cluster was counted. The dendrite spacing of a sample was
calculated by averaging the total width of the targeted clusters over the total number
of dendrites.

Results

Porosity

The porosity of IN718 samples 11, 22, 44, 66, 77 and 88 are measured to evaluate
the defect density of samples across the broadest range of energy densities in the
experimental matrix. The examined area of each sample in the center x–z plane is
10 × 3 mm. The optical microscope images of sample 11, 44 and 88 are listed in
Fig. 2, the porosity of samples are shown in Fig. 2(d). Sample 11 built with parameter
125W laser power and 1300 mm/s scan speed has the lowest energy density input.
The formation of holes in it could be attributed to the lack of fusion while printing.
The irregular shape of holes shown in Fig. 2(a) also indicates the lack of fusion.
Sample 88 is built with 300 W and 600 mm/s. It has the highest energy density input
among samples. The formation of holes in this sample are more spherical in nature
and likely due to keyhole formation at higher energy density.

Local Thermal History Data Collection and Processing

Longwave IR imaging data was collected throughout the build and analyzed first at
layers of interest and then locations of interest for extracting local thermal history
data. Figure 3 shows an adjusted and color-scaled LWIR image. It is important to note
that the temperatures captured by the LWIR camera undergo spatial and temporal
averaging. Therefore, the local thermal history recorded by the camera is not absolute
but rather relative. Hence, though the complete melting of IN718 takes place at a
temperature range of 1370–1430 °C in the LPBF process, the maximum temperature
visible in the color-scaled image of Fig. 3 is 430 °C.

Layer-wise local thermal history is obtained by collecting the calibrated temper-
ature values from all the LWIR images captured during the printing of a single
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Fig. 2 a, b and c Optical microscope images of IN718 samples 11, 44 and 88, holes are filled by
red color. d IN718 porosity of IN718 diagonal samples

Fig. 3 Sample color-scaled LWIR image

layer. Figure 4(a) shows a sample local thermal history of a pixel point for the time
of printing one layer of the build. In this work, our primary focus is on the cooling
profile starting from the highest peak temperature and until the temperature reaches a
steady ambient temperature which was around 225 °C for the experiments conducted
in this study. A pixel-level cooling profile is illustrated in Fig. 4(b) Assuming that
the cooling rate itself is not significantly affected by the aforementioned spatial
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(a) (b)

Fig. 4 Sample layer-based local thermal history–a thermal history at a pixel point for the time of
printing one layer; b corresponding cooling profile starting from the highest peak temperature.Note
The asterisk (*) symbol indicates the timewhen the temperature reaches steady ambient temperature
starting from the highest peak temperature

and temporal averaging, the cooling profile can be backward extrapolated to obtain
a profile starting from the melting temperature of the build material in the LPBF
process. In doing so, the measured pixel-level cooling profile is used to estimate the
temperature decay model for a specific pixel.

The cooling data is best approximated by the second-order exponential (Exp2)
decay function of the form fExp2(t) = a × eb×t + c×ed×t since it can closely
model the physics of cooling in the LPBF process with the superposition of its two
components. In the LPBF process, after the laser passes by a point and melting
happens, the material temperature starts cooling exponentially towards the ambient
temperature at a rapid decay rate—this effect is captured by the first component of
the fExp2(t). However, this decay in temperature changes its rate after a short period
of time thanks to heat conduction from the neighboring laser-traversed points—
this effect is captured by the second component of the fExp2(t). Figure 5(a) shows
the Exp2 curve fitting to the cooling profile shown in Fig. 4(b) along with the two
components of the fitted curve. The equation of the Exp2 fitted curve in Fig. 5(a)
is fExp2(t) = 221.5 × e−2.85t + 225.1 × e−3.56×10−6t and the R2-value of the fit is
0.9962. Using the fitted second-order exponential model, the local cooling profile
can be backward extrapolated to the melting point of the build material in the LPBF
process. Figure 5(b) illustrates the extrapolation of the Exp2 fitted curve shown in
Fig. 5(a) up to 1500 °C.

Figure 6 shows the cooling profiles at a selected pixel point in the IN718 samples
11, 22, 44, 77, and 88 where differences in cooling rate and cooling time are clearly
visible. The selected points are located at the centroid of the top square cuboid
portion of the samples. Recall that the samples are 10 mm tall–the bottom 7 mm
is inverted pyramid shaped, and the top 3 mm is square cuboid shaped with 10 ×
10 mm square cross-section. Therefore, the selected points are located at a height of
8.5 mm (7 mm + 3/2 mm) and at the center of the 10 × 10 mm square cross-section
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(a) (b)

Fig. 5 aSecond-order exponential (Exp2) fitted curve to the cooling profile and its two components;
b extrapolation of the 2nd order exponential (Exp2) fitted curve up to 1500 °C

Fig. 6 Cooling profiles at
the centroid of the IN718
samples 11, 22, 44, 77 and 88

of the square cuboid. Note that the thermal history and cooling profile presented in
Figs. 4 and 5 correspond to the selected point in Sample 88. The differences in the
local thermal history can be correlated to the microstructural features of the samples
under investigation—which will be discussed in the next section.

Solidification Structure

The epitaxial grain structure is found in all of the IN718 diagonal samples. Figure 7(a)
and (b) show the clusters of cellular dendrites along build direction found in the
samples. The dendrite cell spacing of 11, 22, 44, 66, 77 and 88 are measured and
given in Fig. 7(c). As the volumetric energy density input increases from sample 11 to
sample 88, the dendrite spacing increases. The higher energy input leads to a higher
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thermal gradient and longer cooling timewhich allowsmore time for dendrite growth
and micro-segregation. The trend of increasing dendrite cell spacing increasing with
corresponding increases in power density is consistent across the entire range of
the experiment, however there is an observed deviation from the trend of increasing
cooling time with increasing power density for the highest power density sample
88. In Fig. 6 the cooling time is less for sample 88 than for sample 77, despite a
higher power density parameter used for sample 88. While the exact cause of this
deviation is not yet clear, analysis of alternate locations in samples 77 and 88 shows
significant variability in cooling time for sample 88 relative to other samples. This
suggests that at very high power densities that result in the generation of significant
keyhole porosity defects, which are shown in Fig. 2c for sample 88, there may be
phenomena such as vaporization and condensation in turbulent melt pools that cause
additional complexities in the thermal history of the material. Ongoing work will
utilize additional in-situ process monitoring methods to better understand this.

These dendritic structures are formed during solidification due to the preferential
segregation of elements such as niobium to the liquid phase. This segregation can be

Fig. 7 a Cellular dendrites along z direction found in IN718 samples 11, 22, 44, 77 and 88. Images
were taken by SEM at 10 k magnification. b A long range of dendrites over a couple of melt pools
in sample 88. The image was taken by SEM at 2 k magnification
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Fig. 8 Scheil model elemental segregation results for IN718 solidification

predicted using CALPHAD simulation tools such as Pandat. Utilizing a Scheil model
in the Pandat software (PanPhaseDiagram module), the solidification segregation
predictions are shown in Fig. 8. As IN718 solidifies, elements such as chromium
and iron are expected to preferentially incorporate in the solid dendrite cores, while
elements such as niobium, molybdenum, titanium and aluminum are pushed into the
interdendritic regions where they form the dendrite cell boundaries upon complete
solidification.

EDS maps of IN718 sample 88 are shown in Fig. 9. Niobium and titanium are
found rich in the interdendritic regions as the CALPHAD model predicts. Figure 10
shows the EDS line scan data on another site of the same sample. The titanium peak
indicates a Ti–rich particle on the cell wall, presumably a titanium containing carbide
or carbonitride particle due to the presence of carbon also noted in the cell walls.

Discussion

The results presented in this work show that the dendrite spacing in as-built IN718
vary as a function of processing parameters and energy density, and that this variation
can be related to time–temperature information that can be obtained using Longwave
IR in-situ process monitoring. This variation is observed even within a relatively
narrow range of processing parameters that can be used to build material free of
significant numbers of defects such as cracks and porosity. Material evaluated in
this work would be generally considered acceptable if analyzed via non destructive
evaluation or metallographic analysis of witness coupons.
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Fig. 9 EDS maps of IN718 sample 88. a Secondary electron image at 50kx. b–e EDS signal of
Nb, C, Ti and Ni

Fig. 10 EDS line scan data of IN718 sample 88
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Significant variation could also be expected to be present in material built with a
single fixed process parameters but having complex variations in thermal history due
to geometric complexity in the component design. This variation in thermal history
and dendritic structure leads to variations in the spatial distribution of elements that
are important in the formation of phases in these alloys, for example the segregation
of niobium in IN718 can lead to regions of Laves phase formation. This size and
distribution of these phases can have a significant impact on mechanical properties
of the material. Control of the microstructure of these alloys via closed loop process
control enabled by in-situ process monitoring could produce materials with more
consistent mechanical behavior for the end user.

While this work provides a useful initial correlation of process monitoring data to
microstructure formation, significant additional work is underway to improve both
the in-situ monitoring data collection and microstructure predictions. Longwave IR
data provides a useful measure of temporal variation of solid state cooling throughout
the build, by nature of thewide viewing area and relatively lowdata collection rate this
method captures heat flow in a lower temperature regime across the build plate. This
analysis has shown that this can be correlated to trends in microstructure formations
and the data can be extrapolated to higher temperatures to construct location specific
cooling curves. However, addition of additional process monitoring data streams
such as thermal tomography and melt pool thermal imaging can capture comple-
mentary higher temperature data which can be used to improve the accuracy of
thermal history reconstruction at specific locations in the build. These reconstructed
cooling curves could then be used in more sophisticated solidification models such
as Computherm’s Pandat software (PanSolidification module) that utilize mobility
information to make predictions of solidification structures that include spatial infor-
mation such as dendrite arm spacing. In the long term, this coupling of in-situ moni-
toring of local thermal conditions and prediction of microstructure can be used to
control LPBF processes and validate component quality for AM parts that can be
difficult to inspect adequately using available NDE methods.

Conclusions

In this work we have shown that in-situ process monitoring can provide useful infor-
mation towards understanding the variation observed in solidification structures of
nickel superalloys such as IN718. The following conclusions can be drawn from this
work:

• Dendrite spacing varies in IN718 as a function of energy density in LPBF builds
• This dendrite spacing variation is driven by variations in local cooling rates in the

material
• The time–temperature history of the material throughout the build can be charac-

terized and understood by utilizing in-situ process monitoring methods including
Longwave IR data collection and processing
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• Dendritic solidification leads to micro-segregation of elements such as niobium
in IN718 that could have important implications for phase formation during
subsequent processing

• Further work is needed to develop in-situ monitoring data collection and anal-
ysis methods that can provide input into CALPHAD modeling tools to predict
phase formation during the build process and subsequent heat treatments to ensure
consistent microstructural response in geometrically complex components
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7. E. Chlebus, K. Gruber, B. Kuźnicka, J. Kurzac, T. Kurzynowski, Effect of heat treatment on the
microstructure and mechanical properties of Inconel 718 processed by selective laser melting,
Materials Science and Engineering: A. 639 (2015) 647–655. https://doi.org/10.1016/J.MSEA.
2015.05.035.

8. W.M. Tucho, P. Cuvillier, A. Sjolyst-Kverneland, V. Hansen, Microstructure and hardness
studies of Inconel 718 manufactured by selective laser melting before and after solution heat
treatment,Materials Science andEngineering: A. 689 (2017) 220–232. https://doi.org/10.1016/
J.MSEA.2017.02.062.

9. D.H. Smith, J. Bicknell, L. Jorgensen, B.M. Patterson, N.L. Cordes, I. Tsukrov, M. Knezevic,
Microstructure and mechanical behavior of direct metal laser sintered Inconel alloy 718, Mater
Charact. 113 (2016) 1–9. https://doi.org/10.1016/J.MATCHAR.2016.01.003.

10. Q. Jia, D. Gu, Selective laser melting additive manufacturing of Inconel 718 superalloy parts:
Densification, microstructure and properties, J Alloys Compd. 585 (2014) 713–721. https://
doi.org/10.1016/J.JALLCOM.2013.09.171.

11. G.H. Cao, T.Y. Sun, C.H.Wang,X. Li,M. Liu, Z.X. Zhang, P.F. Hu,A.M.Russell, R. Schneider,
D. Gerthsen, Z.J. Zhou, C.P. Li, G.F. Chen, Investigations of γ′ γ′′ and δ precipitates in heat-
treated Inconel 718 alloy fabricated by selective laser melting, Mater Charact. 136 (2018)
398–406. https://doi.org/10.1016/j.matchar.2018.01.006.

https://doi.org/10.1016/J.MATDES.2021.110008
https://doi.org/10.1016/j.ijfatigue.2016.07.005
https://doi.org/10.1016/J.ACTAMAT.2011.12.032
https://doi.org/10.1016/J.JALLCOM.2011.10.107
https://doi.org/10.1002/ADEM.201500158
https://doi.org/10.1016/J.MSEA.2015.05.035
https://doi.org/10.1016/J.MSEA.2017.02.062
https://doi.org/10.1016/J.MATCHAR.2016.01.003
https://doi.org/10.1016/J.JALLCOM.2013.09.171
https://doi.org/10.1016/j.matchar.2018.01.006


Correlating Alloy Inconel 718 Solidification Microstructure to Local … 611

12. A. Wessman, J. Cormier, F. Hamon, K. Rainey, S. Tin, D. Tiparti, L. Dial, Microstructure
and Mechanical Properties of Additively Manufactured Rene 65, in: Superalloys 2020. The
Minerals, Metals and Materials Series, Springer, Cham, 2020: pp. 961–971. https://doi.org/10.
1007/978-3-030-51834-9_94.

13. Z. Tian, C. Zhang, D. Wang, W. Liu, X. Fang, D. Wellmann, Y. Zhao, Y. Tian, A Review on
Laser Powder Bed Fusion of Inconel 625 Nickel-Based Alloy, Applied Sciences. 10 (2019) 81.
https://doi.org/10.3390/app10010081.

14. K.Amato, J.Hernandez,L.E.Murr, E.Martinez, S.M.Gaytan, P.W.Shindo, S.Collins,Compar-
ison of Microstructures and Properties for a Ni-Base Superalloy (Alloy 625) Fabricated by
Electron Beam Melting, Journal of Materials Science Research. 1 (2012) p3. https://doi.org/
10.5539/JMSR.V1N2P3.

15. J.H. Boswell, D. Clark,W. Li, M.M. Attallah, Cracking during thermal post-processing of laser
powder bed fabricated CM247LC Ni-superalloy, Mater Des. 174 (2019) 107793. https://doi.
org/10.1016/J.MATDES.2019.107793.

16. L. Rickenbacher, T. Etter, S. Hövel, K. Wegener, High temperature material properties of
IN738LC processed by selective laser melting (SLM) technology, Rapid Prototyp J. 19 (2013)
282–290. https://doi.org/10.1108/13552541311323281.

17. M. Bermingham, D. StJohn, M. Easton, L. Yuan, M. Dargusch, Revealing the Mechanisms
of Grain Nucleation and Formation During Additive Manufacturing, in: JOM, Springer, 2020:
pp. 1065–1073. https://doi.org/10.1007/S11837-020-04019-5.

18. A. Prasad, L.Yuan, P. Lee,M. Patel, D.Qiu,M. Easton,D. StJohn, Towards understanding grain
nucleation under Additive Manufacturing solidification conditions, Acta Mater. 195 (2020)
392–403. https://doi.org/10.1016/J.ACTAMAT.2020.05.012.

19. F. Zhang, M. Yang, A.T. Clare, X. Lin, H. Tan, Y. Chen, Microstructure and mechanical
properties of Ti-2Al alloyed with Mo formed in laser additive manufacture, J Alloys Compd.
727 (2017) 821–831. https://doi.org/10.1016/J.JALLCOM.2017.07.324.

20. A. Hadadzadeh, B.S. Amirkhiz, J. Li, M.Mohammadi, Columnar to equiaxed transition during
direct metal laser sintering of AlSi10Mg alloy: Effect of building direction, Addit Manuf. 23
(2018) 121–131. https://doi.org/10.1016/J.ADDMA.2018.08.001.

21. M.J. Bermingham, D.H. StJohn, J. Krynen, S. Tedman-Jones, M.S. Dargusch, Promoting
the columnar to equiaxed transition and grain refinement of titanium alloys during additive
manufacturing, Acta Mater. 168 (2019) 261–274. https://doi.org/10.1016/J.ACTAMAT.2019.
02.020.

22. T.G. Spears, S.A. Gold, In-process sensing in selective laser melting (SLM) additive manu-
facturing, Integr Mater Manuf Innov. 5 (2016) 16–40. https://doi.org/10.1186/s40192-016-
0045-4.

23. T. Purtonen, A. Kalliosaari, A. Salminen,Monitoring and Adaptive Control of Laser Processes,
Phys Procedia. 56 (2014) 1218–1231. 1016/J.PHPRO.2014.08.038.

24. S. Berumen, F. Bechmann, S. Lindner, J.P. Kruth, T. Craeghs, Quality control of laser- and
powder bed-based Additive Manufacturing (AM) technologies, Phys Procedia. 5 (2010) 617–
622. https://doi.org/10.1016/J.PHPRO.2010.08.089.

25. M. Pavlov, M. Doubenskaia, I. Smurov, Pyrometric analysis of thermal processes in SLM
technology, Phys Procedia. 5 (2010) 523–531. https://doi.org/10.1016/J.PHPRO.2010.08.080.

26. H. Krauss, C. Eschey, M.F. Zaeh, Thermography for Monitoring the Selective Laser Melting
Process, in: 2012 International Solid Freeform Fabrication Symposium, Austin, TX, 2012:
pp. 999–1014. https://repositories.lib.utexas.edu/handle/2152/88469 (accessed July 27, 2022).

https://doi.org/10.1007/978-3-030-51834-9_94
https://doi.org/10.3390/app10010081
https://doi.org/10.5539/JMSR.V1N2P3
https://doi.org/10.1016/J.MATDES.2019.107793
https://doi.org/10.1108/13552541311323281
https://doi.org/10.1007/S11837-020-04019-5
https://doi.org/10.1016/J.ACTAMAT.2020.05.012
https://doi.org/10.1016/J.JALLCOM.2017.07.324
https://doi.org/10.1016/J.ADDMA.2018.08.001
https://doi.org/10.1016/J.ACTAMAT.2019.02.020
https://doi.org/10.1186/s40192-016-0045-4
https://doi.org/10.1016/J.PHPRO.2010.08.089
https://doi.org/10.1016/J.PHPRO.2010.08.080
https://repositories.lib.utexas.edu/handle/2152/88469


Understanding Annealing Behavior
During Post-Built Heat Treatment
of Ni-Based Alloys Across Additive
Manufacturing Processes

Juan Gonzalez, Yi Zhang, Andrew Wessman, and Jonah Klemm-Toole

Abstract Ni-based alloys are used for high temperature structural components
that span from small, highly complex, with fine feature resolution to large, simple
shapes with low dimensional tolerances, necessitating the use of processes spanning
from laser powder bed fusion (LPBF) to wire arc additive manufacturing (WAAM).
However, there is very little understanding about how annealing behavior during
post-build heat treatments varies between additive manufacturing processes. In this
work, we explore the annealing behavior of IN625 and Haynes 282, manufactured
with WAAM and LPBF, under the same annealing conditions. The results of hard-
ness measurements after annealing indicate that for both IN625 and Haynes 282, the
LPBF samples show larger decreases in hardness between the as-built condition and
after annealing at 1200 °C for 1 h compared to the WAAM samples. LPBF IN625
and Haynes 282 samples annealed at 1200 °C for 1 h, all show complete and partial
recrystallization, respectively, whereas none of the WAAM samples annealed at this
temperature show recrystallization. For a given alloy, bothLPBFandWAAMsamples
annealed at 1200 °C show particles with compositions consistent with MC carbides
that are predicted from thermodynamic simulations. The MC particles present are of
similar size and distribution in both LPBF and WAAM samples indicating a similar
capacity for these particles to pin moving boundaries during recrystallization. In
concert, these results suggest that LPBF samples have more stored energy in the as-
built condition compared to their WAAM counterparts, and therefore have a higher
driving force for recovery and recrystallization.
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Introduction

Ni-based alloys are used for high temperature structural components that span from
small, highly complex, with fine feature resolution to large, simple shapes with
low dimensional tolerances. Accordingly, a range of additive manufacturing (AM)
processes from high precision laser powder bed fusion (LPBF) to high deposition
rate wire arc additive manufacturing (WAAM) can be used to produce components.
The majority of Nickel based alloys used in additive manufacturing were designed to
be used in cast or wrought forms requiring several heat treatment processes to control
secondary phases such as γ’, carbides, and topologically close-packed (TCP) phases
to optimize mechanical performance. As a result, post-build heat treatments are
needed after additive manufacturing. However, the microstructure evolution during
post processing can vary considerably between LPBF and WAAM.

There have been several works published regarding the microstructure evolution
and annealing behavior of LPBF processed Ni-based alloys during post-build heat
treatment. Christofidou et al. [1], Shaikh et al. [2] Deshpande et al. [3] found no
recrystallization in LPBF Haynes 282 after heat treatment below 1150 °C for 1 h.
Christofidou et al. found partial recrystallization after heat treating at 1190 °C for 1 h
and full recrystallization at 1240 °C for 1 h and suggested that heat treatments must
be performed above the primary MC carbide solvus in order to obtain recrystalliza-
tion [1]. However, Deshpande et al. observed recrystallization after a hot isostatic
pressing (HIP) treatment at 1185 °C for 3.5 h, which is below the MC carbide solvus
for Haynes 282 [3]. Kreitcberg et al. [4] and Marchese et al. [5] did not observe
complete recrystallization after heat treating LPBF IN625 below 1080 °C for 1 h.
Kreitcberg et al. showed that HIP heat treatments at 1120–1175 °C for 2 h resulted
in nearly complete recrystallization even though MC carbides were present in the
microstructure [4]. Marchese et al. reported nearly complete recrystallization after
a heat treatment at 1150 °C for 2 h and also noted that MC carbides were present
[5]. The literature on recrystallization of LPBF Haynes 282 and IN625 appears to
generally suggest that recrystallization can occur even with MC carbides present
in the microstructure, although there is considerable variation in the heat treatment
parameters with which complete recrystallization is observed.

Unlike LPBF, there is considerably less information available about the annealing
of WAAM or other directed energy deposition (DED) AM processed Ni alloys.
Zhang et al. evaluated carbide precipitation after heat treating WAAM Haynes 282
at 1150 °C for 2 h but provided no information regarding recrystallization [6]. To
the authors’ knowledge, this is the only report of microstructure development in
WAAM Haynes 282 during post-build heat treatment. Hu et al. observed partial
recrystallization in laser blown powder DED after heat treating at 1200 °C for 0.5 h
and HIP at 1150 °C for 3 h [7]. Hu et al. also found nearly complete recrystallization
of laser blown powder DED IN625 after heat treating at 1200 °C for 90 min [8].
Tanvir et al. showed that after heat treating WAAM IN625 at 980 °C for 1 h, no
recrystallization was observed, and MC carbides were present [9]. Overall, there is
significantly less information in the literature regarding the annealing phenomena of
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WAAM IN625 and Haynes 282 compared to LPBF, and considerable differences in
heat treatment parameters associated with recrystallization are reported.

In light of the gaps in the literature we have described, we seek to explore and
understand the annealing behavior of IN625 and Haynes 282, manufactured with
WAAM and LPBF, under the same annealing conditions. These two disparate AM
processes are expected to encompass the breadth of annealing behaviors exhibited
by additively manufactured forms of these alloys and shed light on routes to control
microstructure and mechanical properties for demanding structural applications.

Methods and Materials

Materials and Additive Manufacturing Parameters

Two Ni-based alloys were investigated in this work: a solid solution strengthened
alloy, IN625, and a γ’-strengthened alloy, Haynes 282. The nominal compositions
of these alloys representative of wire and powder feedstocks used in this study are
shown in Table 1. The composition of IN625 reported in Table 1 corresponds to a
gas metal arc welding (GMAW) wire feedstock, and the composition of Haynes 282
is the typical one for the wrought form.

LPBF IN625 samples were produced on an SLM Solutions SLM280 machine
under flowing Argon gas. A 30 μm powder layer, 60 μm hatch spacing, 350 W
laser power, and 2.8 m/s raster speed were used to produce 12.7 mm diameter and
50 mm long cylindrical specimens. LPBF Haynes 282 samples were produced on
an Open Additive PANDA under flowing Argon gas. A 30 μm powder layer, 70 μm
hatch spacing, 175 W laser power, and 0.8 m/s raster speed were used to produce

Table 1 Nominal
compositions of IN625 and
Haynes 282

Element IN625 [10] Haynes 282 [11]

Ni Balance Balance

Cr 22 20

Fe 5 1.5

Mo 9 8.5

Nb 3.65 –

Mn 0.5 0.3

Si 0.5 0.12

Al 0.4 1.5

Ti 0.4 2.1

Co 1 10

C 0.1 0.06

B – 0.005
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to make 9.5 mm cuboidal specimens. WAAM IN625 samples were produced with
a Fronius Cold Metal Transfer (CMT) GMAW heat source using 1.14 mm (0.045
in) diameter IN625 GMAW wire fed at 106 mm/s (250 in/min), Ar + 5% CO2

shielding gas, an average potential of 17.3 V and average current of 136 A, with a
travel speed of 4.2mm/s (10 in/min). Single pass widewall-shaped builds, measuring
approximately 150mm long, 38 mm tall, and 6mmwide were produced. 4 pass wide
builds were also produced for IN625 with similar dimensions except the thickness
was approximately 16 mm thick. WAAM Haynes 282 samples were produced with
a Lincoln Power Wave S500 GMAW heat source using 1.14 mm (0.045 in) diameter
Haynes 282 GMAWwire fed an 85 mm/s (200 in/min), Ar + 25% He shielding gas,
an average potential of 17.5 V and average current of 115 A, with a travel speed of
6.4 mm/s (15 in/min). Only single pass wide wall-shaped builds were produced of
Haynes 282 with similar dimensions to the single pass wide builds ofWAAM IN625.

Thermodynamic Predictions

Thermo-Calc© version 2022a using the TCNI11 database was used to predict phase
amounts andphase compositions as a functionof temperature. Single axis equilibrium
simulationswere performed using the compositions shown in Table 1. No restrictions
were placed on the phases included in the simulations.

Heat Treatment

Samples from each alloy and AM process were taken in the as-built condition and
subjected to heat treatment for 1 h each at 1000, 1100, and 1200 °C. Samples were
enclosed in an Ar filled stainless steel bag and heat treated in a Carbolite air furnace.
Samples were allowed to air cool after heat treatment.

Hardness Testing

Hardness testing in the as-built condition and after annealing was performed on
mounted andmetallographically polished samples using a LECOAMH55Automatic
Hardness Testing System with a LM110AT indenter unit with a 500 g load. At least
20 hardness measurements were taken for each condition.
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Microstructure Characterization

Samplesweremounted andmetallographically prepared prior tomicrostructure char-
acterization. In preparation for electronbackscatter diffraction (EBSD), sampleswere
polished down to 1 μm diamond and then vibratory polished with 0.05 μm diameter
colloidal silica for 12 h. EBSD was performed on a JEOL JSM-7000F field emission
scanning electron microscope (SEM) with an accelerating voltage of 20 kV. Nearest
neighbor pattern average reindexing (NPAR) was used to improve the indexing on
each map. Samples for energy dispersive spectroscopy (EDS) were electro-etched
using 2% nitric acid in ethanol with 3.5–V for 10–40 s at room temperature. EDS
was performed using an FEI Teneo Field Emission SEMwith an accelerating voltage
of 10 kV.

Results and Discussion

Thermodynamic Predictions of Phases Present During
Post-Build Heat Treatment

Figure 1 shows the results of thermodynamic predictions for IN625 and Haynes 282
as a function of temperature. MC carbide with a composition of approximately 80%
Nb–7% Ti–11% C–balance other elements in the alloy (wt %) is predicted to be
present below approximately 1290 °C in IN625 as shown in Fig. 1a. The predicted σ

phase solvus in IN625 is approximately 1040 °C. Similarly, within the temperature
range experimentally evaluated in this work, Haynes 282 is expected to have MC
carbide and TiB2 present below 1200 °C as shown in Fig. 1b. The composition of
MC carbide in Haynes 282 is predicted to be approximately 73% Ti–8% Mo–17%
C–balance other elements in the alloy (wt%). The solvus temperatures of M23C6

and γ
′
are predicted to be below 1000 °C and should not be present during the heat

treatments performed in this work. MC carbides are predicted to be present during
annealing heat treatments between 1000 and 1200 °C for IN625 and Haynes 282
evaluated in this work.

Hardness After Post-Build Heat Treatment

Table 2 summarizes the hardness of LPBF and WAAM IN625 and Haynes 282
samples in the as-built condition and after annealing at 1000, 1100, or 1200 °C for
1 h. As expected, the hardness decreases from the as-built condition with increasing
annealing temperature. Figure 2 shows the changes in hardness of the LPBF and
WAAM samples as a function of annealing temperature, and relevant solvus temper-
atures of secondary phases are also shown. In general, the hardness values of IN625
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Fig. 1 Thermo-Calc © predictions of phase amounts present as a function of temperature for a
IN625 and b Haynes 282

conditions (Fig. 2a) are lower than that of Haynes 282 (Fig. 2b). LPBF samples of
both materials show higher hardness in the as-built condition compared to WAAM
counter parts. After annealing at 1200 °C for 1 h, there is not a significant difference
between the hardness of IN625 LPBF and WAAM samples. However, for Haynes
282, the LPBF samples maintain a higher hardness than WAAM counterparts after
annealing at 1200 °C.Alternatively stated, LPBF samples exhibitmuchgreater reduc-
tions in hardness compared to WAAM samples for the same annealing treatments.
These reductions in hardness are likely related to recovery, recrystallization, and
possibly grain growth. Negligible differences in hardness as a function of annealing
temperature are observed between the 1 pass wide and 4 pass wide IN625 WAAM
conditions.

Table 2 Average hardness values for LPBF andWAAM IN625 and Haynes 282 in the as-built and
annealed conditions

Alloy Process Average hardness (HV0.5)

As-built 1000 °C 1100 °C 1200 °C

IN625 LPBF 316 285 266 212

WAAM 1 Pass 243 239 224 208

WAAM 4 Pass 236 228 235 214

Haynes 282 LPBF 394 298 310 286

WAAM 1 Pass 297 316 292 255
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Fig. 2 Hardness measured at room temperature as a function of annealing temperature for LPBF
and WAAM a IN625 and b Haynes 282. Horizontal dashed lines in each plot indicate the hardness
of each condition in the as-built condition. Vertical dashed lines show solvus temperatures predicted
by Thermo-Calc©

Recrystallization from Post-Build Heat Treatment

Electron backscatter diffraction (EBSD) was performed to evaluate the extent of
recrystallization after annealing. Figure 3 shows results for LPBF IN625. Figure 3a
shows a superimposed inverse pole figure (IPF) and image quality (IQ) map of
the as-built condition of LPBF IN625, where grains elongated parallel to the build
direction can be observed with grey scale values within grains indicating low image
quality likely due to dislocation substructure. Figure 3b shows LPBF IN625 after
annealing at 1100 °C for 1 h. The grain structure is still elongated parallel to the build
direction, but many regions show higher image quality indicating that recovery has
occurred. After annealing at 1200 °C for 1 h, complete recrystallization is observed
as shown in Fig. 3c. Several grains contain annealing twins, the average grain size
appears to be greater than the as-built condition, and the grain morphology appears
to be more equiaxed, indicating some grain growth may have occurred in addition to
recrystallization.

The 1 pass and 4 passWAAM IN625 in the as-built condition also show elongated
grains parallel to the build direction, Fig. 4a and b. Figures 4c and d show the 1
pass and 4 pass WAAM IN625 builds after annealing at 1200 °C for 1 h in which
no recrystallization is observed. Generally, higher image quality is observed after
annealing at 1200 °C indicating recovery is likely responsible for the reductions in
hardness observed in Fig. 2a.

Figure 5 showsEBSD results of LPBFHaynes 282 samples after annealing. EBSD
scan from the as-built condition (Fig. 5a) exhibited large columnar grains elongated
parallel to the build direction. Regions of higher image quality are observed after
annealing at 1100 °C for 1 h (Fig. 5b) indicating recovery is responsible for hardness
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Fig. 3 EBSD IPF + IQ maps of LPBF IN625 a as-built, b after annealing at 1100 °C for 1 h, c
after annealing at 1200 C for 1 h, d orientation of the build direction and coloration key of the IPF
maps

reductions observed. Partial recrystallization has occurred after annealing at 1200 °C
for 1 h as evidenced by the presence of grainswith annealing twins in addition to elon-
gated towards the build direction, Fig. 5c. In general, the annealing behavior of LPBF
Haynes 282 is similar to LPBF IN625, except only partial recrystallization occurs in
Haynes 282 after annealing at 1200 °C, whereas IN625 is fully recrystallized.

Similar toWAAM IN625 samples, the 1 pass wideWAAMHaynes 282 sample in
the as-built condition exhibits large columnar grains elongated parallel to the build
direction as shown in Fig. 6a. After annealing at 1200 °C, increases in image quality
indicating recovery are observable, but recrystallization has not occurred, as shown
in Fig. 6b.
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Fig. 4 EBSD IPF + IQ maps of WAAM IN625 a 1 pass wide build in the as-built condition, b
4 passes wide in the as-built condition, c 1 pass wide after annealing at 1200 °C for 1 h, and d 4
passes wide after annealing at 1200 °C for 1 h. The orientation of the build direction and IPF key
is the same as shown in Fig. 3d

Secondary Phases Present After Post-Build Heat Treatment

Samples LPBF and WAAM, IN625, and Haynes 282, annealed at 1200 °C for 1 h
were evaluated using EDS spot measurements to determine whether theMC carbides
predicted to be present from thermodynamic simulations are observed. Particles
enriched in Nb, Ti, and C are observed in both LPBF and 1 pass wideWAAM IN625
specimens annealed at 1200 °C, indicating the presence of (Nb,Ti)C predicted by
a Thermo-Calc© in Fig. 1a. Note that particles in the LPBF (Fig. 7a) and WAAM
(Fig. 7b) IN625 specimens annealed at 1200 °C are observed both at grain boundaries
as well as grain interiors.

Similar to IN625 specimens, EDS spotmeasurements identified particles enriched
withMo, Ti, and C in Haynes 282 specimens annealed at 1200 °C for both LPBF and
WAAM, indicating the presence of (Ti,Mo)C predicted by Thermo-Calc© in Fig. 1b.
Again, note that both the LPBF (Fig. 7c) and WAAM (Fig. 7d) specimens annealed
at 1200 °C exhibit particles at grain boundaries and grain interiors. In all of the EDS



622 J. Gonzalez et al.

Fig. 5 EBSD IPF + IQ maps of LPBF Haynes 282 a as-built, b after annealing at 1100 °C for 1 h,
c after annealing at 1200 °C for 1 h, d orientation of the build direction and coloration key of the
IPF maps

Fig. 6 EBSD IPF + IQ maps of WAAM Haynes 282 a 1 pass wide build in the as-built condition
b 1 pass wide build after annealing at 1200 °C for 1 h. The orientation of the build direction and
IPF key is the same as shown in Fig. 3d
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Fig. 7 SEM SE micrographs with EDS point measurement after annealing at 1200 C for 1 h a
LPBF IN625, b WAAM IN625, c LPBF Haynes 282, and d WAAM Haynes 282. Measurements
of C and O have an asterisk to indicate that the accuracy of these measurements is lower than that
of the other elements detected by EDS point measurements

spot measurements shown in Fig. 7, some amount of oxygen is detected. This is
likely an artifact of using an oxidizing acid (nitric acid) to etch the microstructure
to reveal carbide particles. It is acknowledged that oxide particles are present in
the microstructure, but the particles shown in Fig. 7 are likely the MC carbides
discussed. Finally, elements such as Ni and Cr are also detected which is likely due
to the interaction volume of the electron beam being big enough to sample the matrix
surrounding the MC carbide particles.

Alloy and Process Influences on Annealing Phenomena
During Post-Build Heat Treatment

The results of hardness measurements after annealing indicate that for both IN625
and Haynes 282, the LPBF samples show larger decreases in hardness between the
as-built condition and after annealing at 1200 °C for 1 h compared to the WAAM
samples. Furthermore, the IN625 LPBF and WAAM samples show similar hardness
after annealing at 1200 °C,whereas the LPBFHaynes 282 samples still show a higher
hardness than WAAM Haynes 282 samples after annealing at the sample tempera-
ture. IN625 and Haynes 282 LPBF samples annealed at 1200 °C for 1 h exhibited
complete recrystallization and partial recrystallization respectively, whereas none
of the WAAM samples annealed at this temperature show recrystallization. For a
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given alloy, both LPBF and WAAM samples annealed at 1200 °C show particles
with compositions consistent with MC carbides that are predicted from thermody-
namic simulations. The MC particles present are of similar size and distribution in
both LPBF and WAAM samples indicating a similar capacity for these particles to
pin moving boundaries during recrystallization. In concert, these results suggest that
LPBF samples generally have more stored energy in the as-built condition compared
to their WAAM counterparts, and therefore they have a higher driving force for
recovery and recrystallization. Terris et al. interpreted the annealing phenomena of
LPBF IN625 in the context of the equivalent stored energy fromcoldwork [12].X-ray
diffraction experiments revealed that the as-built condition had dislocation densities
on the order of 1015 m2, which is comparable to extensive plastic strain. Depending
on the exact processing parameters, LPBF samples showed equivalent cold work
amounts of 13–20%, and the conditions with greater equivalent cold work recrys-
tallized at lower temperatures, consistent with fundamental annealing concepts.
Leicht et al. suggested that sample geometry and built orientation strongly affect
the microstructure of LPBF 316L [13], which may also influence the stored energy
that drives annealing. These results suggest that the thermo-mechanical conditions
during AMprocessing directly impacts the stored energy available to drive annealing
during post-build heat treatment. It could be that the differences in processing condi-
tions and build geometry resulted in the slightly different recrystallization kinetics
between theLPBF IN625andHaynes 282 samples in addition to the larger differences
between LPBF and WAAM.

A valid question that remains is: why do LPBF samples have a greater amount
of stored energy compared to WAAM samples? LPBF melt pools are generally on
the order of 100–150 μm wide and 100 m deep, and the samples analyzed in this
work are on the order of 10 mm cubes. Such small melt pools relative to sample
dimensions result in highly constrained conditions in the vicinity of themelt pool. The
resulting thermal strains from the LPBFmelt passes likely result in significant plastic
deformation.WAAMmelt pools are approximately 6mmwide by comparison,which
is much closer in dimension to the sample thickness. Samples that are 1 pass wide
have melt pools and sample dimensions that are the same, which allows the thermal
expansion around the melt pool to occur unconstrained resulting in relatively less
plastic deformation. Even 4 pass wide samples have thickness dimensions only 2–2.5
X the dimension of a melt pool. In order to get a degree of constraint in a WAAM
to build equivalent to that of LPBF, the dimensions of the sample would have to be
on the order of 600 mm, which is experimentally feasible, but very little information
about annealing of such sized builds are in the literature. In short, we hypothesize
that the highly constrained nature of LPBF melts pools results in significantly more
plastic strain accumulation during the build process compared to theWAAMsamples
analyzed here, and the greater constraint results in a greater amount of stored energy
to drive annealing during post-build heat treatment.
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Implications for Alloy and Process Design for Additive
Manufacturing

The results of thiswork suggest that for a given alloy, samples producedwith different
AMprocesses have different amounts of stored energy in the as-built condition,which
leads to systematic differences in annealing behavior. Thermodynamic simulations of
secondphase particles do not appear to be sufficient to informannealing behavior.Not
only thermal, but thermo-mechanical simulations capable of predicting the extent of
plastic strain during the build process are needed to designAMprocessing parameters
to tune the desired annealing behavior during post-build heat treatment. Furthermore,
parallel alloy design efforts could enable the tailoring of secondary phases and/or
microstructural features such that the desired annealing behavior could be achieved
for a given degree of plastic strain from the additive manufacturing process.

Conclusions

In this work, the annealing behavior during post-build heat treatment between 1000
and 1200 °C for 1 h was investigated for IN625 and Haynes 282 processed with
LPBF and WAAM using hardness testing, EBSD, and EDS. Based on the results,
the following conclusions can be made:

• LPBF samples of IN625 and Haynes 282 show complete and partial recrystal-
lization respectively, after annealing at 1200 °C, but WAAM samples of the same
alloys heat treated at the same temperature do not show recrystallization.

• Despite large differences in hardness in the as-built condition, IN625 LPBF and
WAAM samples show very similar hardness values after annealing at 1200 °C,
despite significant differences in grain size and shape.

• LPBF Haynes 282 samples exhibit higher hardness values than WAAM Haynes
282 samples annealed at 1200 °C, likely due to only partial recrystallization of
the LPBF samples.

• MC carbides are observed in LPBF and WAAM processed IN625 and Haynes
282 after annealing at 1200 °C for 1 h, which are predicted to be present using
Thermo-Calc simulations.

• Because MC carbides were present in LPBF samples that recrystallized and
WAAM samples that did not recrystallize, these particles likely do not control
recrystallization in additively manufactured IN625 and Haynes 282.

• LPBF samples of both alloys show much larger decreases in hardness during
annealing suggesting that there is more stored strain energy in the as-built condi-
tion compared to WAAM samples. The amount of stored energy in the as-built
condition appears to have a greater effect on recrystallization compared to high
temperature carbides in the alloys and processing conditions investigated here.
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• In order to predict annealing behavior across vastly disparate processes, thermo-
mechanical simulations capable of estimating plastic strain accumulation during
additive manufacturing, and thus the driving force for annealing, are needed.
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High-Temperature Properties of Alloy
718 Made by Laser Powder-Bed Fusion
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Abstract The properties of alloy 718made by laser powder-bed fusion (LPBF) have
been widely reported, and while their room-temperature static properties are often
similar to wrought material, elevated temperature properties have proven inferior,
especially at slow strain rates. Stress rupture tests performed on LBPF 718 material
after Hot isostatic Pressing (HIP) and heat treating in conformance with AMS 5662
have persistently led to brittle notch failures with limited elongation. Creep testing
at 650 °C and 690 MPa shows a similar tendency, with samples showing capability
of sustaining a load but with limited elongation and abrupt, intergranular failure.
Alternative heat treatments performed to enhance high-temperature ductility have
shown success in adjusting delta phase population but without benefit for stress
rupture. Alternative HIP schedules have also been performed that led to changes in
room-temperature and elevated temperature static strength but no benefit in stress
rupture behavior. The root cause of this behavior is attributed to the dispersion of
NbC that is a consequence of the LPBF process that results in fine-scale segregation
of Nb and C during rapid solidification. Deliberately lowering the carbon content of
the powder feedstock led to a greater number of smaller Y” particles and smaller size
NbC particles which resulted in an increase in static strength at room and elevated
temperatures but no improvement in stress rupture. The presence of a large number
of NbC particles leads to environmental sensitivity of LPBF 718 that is most apparent
at elevated temperatures and slow strain rates.

Keywords Inconel 718 · Laser powder bed fusion · Additive manufacturing ·
Elevated temperature properties · Creep rupture

D. Witkin (B) · T. McLouth · G. Bean · J. Lohser
The Aerospace Corporation, El Segundo, CA, USA
e-mail: david.b.witkin@aero.org

R. W. Hayes
Metals Technology Inc., Northridge, CA, USA

© The Minerals, Metals & Materials Society 2023
E. A. Ott et al. (eds.), Proceedings of the 10th International Symposium on Superalloy
718 and Derivatives, The Minerals, Metals & Materials Series,
https://doi.org/10.1007/978-3-031-27447-3_39

629

http://crossmark.crossref.org/dialog/?doi=10.1007/978-3-031-27447-3_39&domain=pdf
mailto:david.b.witkin@aero.org
https://doi.org/10.1007/978-3-031-27447-3_39


630 D. Witkin et al.

Introduction

Alloy 718 processed by additive manufacturing (AM) techniques has continued to
attract the attention of researchers. As a weldable, heat-treatable nickel-base super-
alloy with widespread use in high-value applications, alloy 718 is well-suited to AM
processing and the potential benefits of fabrication of complex parts and assemblies
using AM are applicable to high-value parts made with 718. A review of mechanical
properties of AM 718 [1] concluded that AM processing parameters, heat treatment,
and processing defects play an important role in determining properties. For example,
tensile strength was said to be intermediate to expected values for cast or wrought
product forms.While there was significant variation in creep properties, that could be
attributed to lack of consistency between different published accounts based on creep
mode (i.e., tensile versus compressive) and heat treatment of the test materials. One
report claimed superior performance for laser powder-bed fusion (LPBF) processed
material in comparison to wrought material but this was based on compression creep
testing to only 1% plastic strain [2]. Subsequent publications on creep have tested
material that retained a significant as-built microstructural character due to heat treat-
ment at temperatures insufficient to cause recrystallization of the γmatrix phase prior
to solution treatment and aging [3, 4].

For high-reliability applications such as aerospace systems, it is expected that
AM 718 would be subjected to hot isostatic pressing (HIP) to remove defects to
the greatest extent possible followed by heat treatment to take advantage of the
alloy’s intrinsic strengthening capability via the precipitation of γ”. In this light, it
is instructive to understand the mechanical properties of alloy 718 in comparison to
traditional requirements for wrought material as indicated by minimum acceptance
values in aerospace standards AMS 5662, AMS 5663, AMS 5664, and AMS 5596.
In the case of creep, LPBF 718 has been generally shown to be inferior to wrought
material when time-to-rupture and strain-to-failure even after HIP and solution and
age. Investigations that focused onmanipulation of microstructure via laser scanning
strategies found that elongated grains parallel to the loading axis improved creep life
in LPBF [5–7]. At the same time, even in particular cases where time-to-rupture was
similar to or even exceeded wrought material, the elongation of the creep samples
prior to failure was only approximately one quarter of the wrought material which
reached strains on the order of 30% engineering strain prior to failure.

The occurrence of resistance to deformation seen as long times to failure accom-
panied by brittle fracture was also documented for the specific case of notched stress
rupture that is part of the material acceptance testing under AMS 5662 [8]. In this
test, a combination specimen consisting of a notched section with Kt ~ 3.9 and a
second uniform gauge section is subjected to a 690 MPa tensile load at 650 °C and is
required to (1) sustain the load for at least 23 h; (2) exhibit a minimum of 4% elonga-
tion in the uniform section; and (3) rupture in the uniform section, not at the notch.
For samples reaching 23 h under this condition, the load can be increased by 34MPa
(5 ksi) at successive 8-h intervals, but the other two requirements are still in force.
All LPBF samples, whether heat treated to AMS 5662 or 5664 schedules, failed the
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test due to brittle failure at the notch, although several greatly exceeded 23 h [8].
This result is analogous to reports of creep tests of LPBF 718 where the rupture time
was comparable to wrought material while the strain at failure was much lower than
wrought. Although there was a range of failure times in combination stress rupture
from failure withinminutes to failure beyond 40 h of loading time, the lack of elonga-
tion in the uniform section accompanied by notch failure indicates that the material
may exhibit strong but brittle behavior at elevated temperatures. Such behavior is
not apparent when performing quasi-static tensile tests at room-temperature.

The question of what conditions (temperature and strain rate) lead to degraded
ductility of LPBF 718 compared to wrought material was addressed through a series
of slow strain-rate tensile tests conducted from 550 to 750 °C and strain rates from
10–3 to 10–6 s−1 [9] for materials heat treated per AMS 5662. The lower end of the
strain rate range is higher than published steady-state creep rates in the range of 10–8

to 10–7 s−1 at 650 °C where lower ductility had been established in creep tests. At
650 °C, the yield and ultimate strength of both LPBF andwrought material decreased
from 10–3 to 10–6 s−1 strain rates, but wrought material had similar elongation and
reduction of area (RA) regardless of strain rate. In LPBF 718, the elongation and
reduction in area (RA)declined significantly from10–3 to 10–4 s−1.When temperature
was the test variable at 10–4 s−1 strain rate, wroughtmaterial exhibited a characteristic
ductility dip at 650 °C compared to 550 and 750 °C. In the LPBF material, the
elongation was much lower and the ductility dip, while present, was much less
apparent. The strength of the wrought material was higher at 550 and 650 °C, but at
750 °C both types had similar strength. These trends are illustrated in Fig. 1.

Fig. 1 Variation of tensile yield strength (Fty), ultimate tensile strength (Ftu), elongation (Elong),
reduction in area (RA) for LPBF and wrought alloy 718 as a function of temperature at strain rate
10–4 s−1 a and b and strain rate at 650 °C c and d
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This survey of published elevated temperature property data shows that LPBF 718
has generally lower ductility than wrought material at elevated temperatures, but the
differences are exacerbated at lower strain rates characteristic of creep. Tensile yield
and ultimate strength values also tend to be lower than wrought material, even after
solution treatment and aging using standard schedules. Interpretation of these results
in light of the microstructural features and fracture surfaces led to a conclusion
that dynamic embrittlement due to the presence of a dispersion of numerous small
NbC particles, often on grain boundaries, is responsible for the lower ductility [9].
Even at similar carbon content, the NbC population of wrought material manifests
many fewer but larger particles. The difference in NbC distribution is due to the
small-scale rapid solidification that occurs in the LPBF, the segregation of Nb and
C to the inter-dendritic regions of the fused material, and the absence of thermo-
mechanical processing in net- and near net-shape fabrication enabled byAM. Several
alternative heat treatments were attempted to improve these properties that did lead
to alterations in the microstructure and static strength but did not improve the high-
temperature ductility. More promising results were obtained by minimizing the total
carbon content of the LPBF powder, but while these had a considerable effect on
the γ” and NbC populations and improved static strength by freeing more Nb for
precipitation of γ”, the elevated temperature ductility did not improve as the carbide
population was merely altered, and not eliminated.

Materials and Methods

AllLPBF testmaterialswere producedon aConceptLaserM2printer usinggas atom-
ized alloy 718 powder purchased from Praxair Surface Technologies (Indianapolis).
Details of powder composition, bulk material composition, and processing condi-
tions have been previously reported [5, 8–10]. In brief, test materials were made
using a Concept Laser M2 under an argon protective environment with a laser power
of 180 W, scanning speed of 600 mm/s, a hatch spacing of 0.105 mm, and a layer
thickness of 30 μm. These process parameters equate to a volumetric laser energy
density of 95 J/mm3. Specimens were prepared using an island scanning strategy
with 5 × 5 mm squares.

Most materials had a carbon content of 0.02–0.04 wt %, similar to wrought mate-
rial content but one study used a customized heat of powder with carbon reduced
to 0.01 wt % [11]. Wrought material was purchased in the form of ½” diameter
(12.7 mm) solution annealed bars per AMS 5662. LPBF samples were hot isostati-
cally pressed (HIP), andLPBFwere given avariety of pre- andpost-HIP thermal treat-
ments as described below.Mechanical testingwas performed in general conformance
with applicableASTMstandards, includingE8 for room-temperature tension,E21 for
elevated temperature tension, E139 for creep and creep rupture, and E292 for notched
rupture. Tests were performed at one of three facilities: The Aerospace Corpora-
tion (El Segundo, CA), Metals Technology Inc. (Northridge, CA), or Westmoreland
Mechanical Testing and Research (Youngstown, PA).
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HIP and heat treatments were performed in a variety of combinations. A baseline
heat treatment consisted of HIP at 1163 °C and 100 MPa for three hours, followed
by solution treatment at 954 °C for one hour and water quench, and then dual aging
at 718 °C for eight hours, ramp down to 621 °C with hold for additional eight hours.
This is HIP followed by solution treatment and aging per AMS 5662.

Two modified HIP schedules were performed:

• MHIP1: 1140 °C for 1 h, ramp to 1200 °C, hold for 3 h, both at 15ksi
• MHIP2: 1065° C for 3 h at 30 ksi

Samples using these two modified HIP schedules and the baseline schedule were
HIP’ed at Quintus Technologies and then subjected to either the baseline AMS 5663
solution and age schedule or two alternative heat treatments.

• MHT1: Solution/stabilize 920 °C 2 h, ramp to 980 °C 1 h, water quench, Age
718 °C, 8 h, FC, 625 °C, 8.25 h

• MHT2: Solution/stabilize 920 °C 6 h, ramp to 980 °C 1 h, water quench, Age
718 °C, 8 h, FC, 625 °C, 8.25 h

In total, there were nine possible combinations of three HIP schedules and three
heat treatments. Samples that were in this experimental matrixwere tensile tested and
combination stress rupture tested at 650 °C following AMS 5662. One exception was
that the same strain rate was used throughout the tensile test, instead of increasing
strain rate after yield strength (as 0.2% offset) has been established, which is allowed
per the standard.

For the three HIP schedules, two lots of material were subjected to one of two
heat treatments after HIP:

• Solution 1038 °C 1 h oil quench; Age 760 °C 10 h furnace cool to 650 °C to a
total age cycle 20 h;

• Solution 1038 °C 1 h oil quench; Stabilize/age 960 °C 1 h, cool to 760 °C 10 h
furnace cool to 650 °C to a total age cycle 20 h

The aging cycle for these two heat treatments is identical to AMS 5664, while
the solution treatment is 28 °C lower than the 1066 °C temperature in AMS 5664.
The combination of solution temperature above the delta solvus followed by the
stabilization step at 960 °C was intended to remove any delta that formed during
cooling from the HIP cycle with the addition of a delta phase precipitation that would
normally be absent in AMS 5664 treated materials. These samples were subjected
to stress rupture testing at 758 MPa and 650 °C.

An additional set of samples were HIP’ed at Kittyhawk Products (Garden Grove,
CA) using the baseline HIP schedule, then subjected to either the baseline AMS 5662
solution and age schedule or one of three alternative heat treatments:

• HTX: Solution/stabilize 900 °C, 2 h, Ramp to 954 °C, 1 h, water quench; 718 °C,
8 h, furnace cool to 625 °C, 8.25 h

• HTY: 1200 °C, 3 h, air cool; solution/stabilize 900 °C, 2 h, Ramp to 954 °C, 1 h,
water quench; 718 °C, 8 h, furnace cool to 625 °C, 8.25 h
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• HTZ: 1200 °C, 3 h, air cool; 954 °C, 1 h, water quench; 718 °C, 8 h, FC, 625 °C,
8.25 h (DA)

The 1200 °C soaks were intended primarily to reduce the carbide population and
dissolve any Laves phase present that might have formed during HIP or during slow
cool down in the HIP chamber after the cycle. These samples were subjected to
tensile testing at and combination stress rupture testing at 650 °C following AMS
5663 requirements.

The primary difference between HIP cycles at the two vendors is the use of rapid,
forced-air quenching from the HIP temperature at Quintus Technologies.

A sub-set of materials were heat treated using the AMS 5664 solution treatment
temperature and time (1066 °C for one hour), then given a lower-temperature stabi-
lization at 843 °C for 6 h, followed by two-step aging at the standard AMS 5664
conditions. These samples were tensile tested at room-temperature and 650 °C but
no stress rupture testing was performed.

Results

Tensile Properties–Baseline HIP and Modified AMS 5664
Heat Treatment

The delta stabilization treatment between solution treatment and aging cycles was
intended to generate a population of delta phase particles within grain interiors where
it has been speculated they can serve as oxygen sinks that prevent excessive oxidation
of grain boundaries that promotes intergranular brittle fracture [12]. At the same
time, it can be expected to consume Nb that would otherwise be available for γ”
precipitation, thus decreasing its strength. Tensile properties of LPBF material for
½” diameter vertical oriented rods with standard AMS 5664 heat treatment after HIP
were previously reported [8], and are compared to material that received the delta
stabilization treatment in Table 1.

Although these represent samples taken from different build and heat treatment
lots, it does demonstrate that delta stabilization will reduce static properties.

Table 1 Tensile properties of materials after baseline HIP andAMS 5664-based solution and aging
treatments. Delta stabilization was performed after solution treatment

Condition Test temperature (°C) Fty (MPa) Ftu (MPa) Elong (%) R.A. (%)

AMS 5664 23 1094 1362 23 36

650 924 1110 18 22

AMS 5664 with delta
stabilization

23 986 1303 23 34

650 862 1055 19 23
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Table 2 Summary of previously published tensile data for samples receiving Baseline HIP and
AMS 5662 solution and aging treatments

Condition Test temperature (°C) Fty (MPa) Ftu (MPa) Elong (%) R.A. (%)

AMS 5662 (Baseline) 23 1020–1055 1365–1385 22–28 30–37

650 896–945 1110–1151 16–26 17–31

Tensile Properties–Baseline HIP and AMS 5662 Heat
Treatment

Room-temperature and elevated-temperature tensile properties for vertically oriented
specimens with baseline HIP and AMS 5662 heat treatments from the same or
similar powder lots and the same powder-bed fusion apparatus have been previously
published [5, 8, 13] and are cited here as ranges in values for subsequent comparison
to materials with alternative heat treatments where the focus was on tensile proper-
ties at 650 °C and stress- or creep-rupture performance. All specimens were HIP’ed
at Kittyhawk Products, implying furnace cooling rates after completion of the HIP
cycle (Table 2).

Except for the low end of the range of room-temperature yield values, where
the AMS 5662 minimum acceptance value is 1034 MPa, all tested samples meet
specification minimum requirements.

Tensile Properties–Baseline HIP with Modified Heat
Treatments

Table 3 shows results of tensile testing at 650 °C for materials that were HIP’ed by
one of the three schedules at Quintus Technologies and heat treated by either the
baseline heat treatment or one of the two alternative heat treatment schedules. A set
of additional coupons that had been HIP’ed at Kittyhawk Technologies (marked by
an asterisk) and wrought material that were heat treated in the same heat treat lot as
the other baseline heat treatment samples are included for comparison. The results
are mean values along with standard deviation for three samples at each condition.

Samples that were HIP’ed using baseline conditions and then heat treated using
one of the modified heat treatments HTX, HTY, or HTZ are summarized in Table 4
[14], which includes results for both room-temperature and 650 °C.
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Table 3 Elevated temperature (650 °C) tensile properties of samples after modified HIP and heat
treatment schedules. “Baseline” HIP refers to a single 1163 °C soak under pressure, while Baseline
heat treatment refers to solution and age per AMS 5662. Samples were HIP’ed using rapid cooling
except where marked by an asterisk

Condition (HIP–heat
treat)

Yield strength
(MPa)

Ultimate tensile
strength (MPa)

Elongation (%) Reduction of
area (%)

Baseline–Baseline 918.8 ± 2.4 935.8 ± 1.0 2.2 ± 1.0 8.3 ± 1.6

Baseline–MHT1 937.7 ± 16.6 974.0 ± 14.0 3.3 ± 2.4 11.7 ± 0.1

Baseline–MHT2 900.1 ± 48.3 926.0 ± 63.4 4.9 ± 2.5 8.2 ± 0.5

MHIP1–Baseline 988.7 ± xx 1019.7 ± 17.4 4.8 ± 0.2 15.9 ± 0.5

MHIP1–MHT1 977.1 ± 6.7 994.6 ± 13.2 6.2 ± 2.4 12.5 ± 4.2

MHIP1–MHT2 923.6 ± 10.2 998.4 ± 59.8 7.4 ± 3.0 15.0 ± 0.4

MHIP2–Baseline 946.7 ± 24.4 985.8 ± 4.5 6.5 ± 0.6 21.8 ± 1.1

MHIP2–MHT1 957.0 ± 55.6 976.8 ± 34.4 6.6 ± 0.5 18.8 ± 4.4

MHIP2–MHT2 959.8 ± 39.0 968.2 ± 28.0 6.8 ± 0.7 18.0 ± 0.5

Baseline–Baseline* 875.6 ± 17.1 940.4 ± 11.7 2.9 ± 0.4 5.9 ± 0.9

Wrought–Baseline 977.7 ± 15.9 1023.9 ± 19.3 17.8 ± 1.0 52.4 ± 0.9

Table 4 Summary of room- and elevated-temperature tensile properties for samples HIP’ed at
baseline conditions with chamber cooling from HIP cycle and alternative heat treatments

Condition
(HIP–Heat Treat)

Temperature
(°C)

Yield strength
(MPa)

Ultimate
tensile
strength
(MPa)

Elongation (%) Reduction
of area (%)

Baseline–HTX 23 1050.7 ± 17.3 1359.5 ± 18.3 24.6 ± 0.6 Not
reported

650 875.4 ± 4.5 974.2 ± 4.5 7.4 ± 1.1 13.6 ± 1.1

Baseline–HTY 23 1077.6 ± 12.0 1374.4 ± 23.7 23.4 ± 0.8 Not
reported

650 868.7 ± 19.8 953.8 ± 27.3 3.3 ± 2.4 11.7 ± 0.1

Baseline–HTZ 23 1149.5 ± 4.2 1375.1 ± 1.4 23.6 ± 1.8 Not
reported

650 900.1 ± 48.3 926.0 ± 63.4 4.9 ± 2.5 8.2 ± 0.5

Baseline–Baseline 23 1042.7 ± 5.1 1373.8 ± 2.5 22.6 ± 0.6 Not
reported

Wrought–Baseline 23 1194.9 ± 10.7 1424.6 ± 15.1 25.5 ± 2.0 Not
reported
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Table 5 Combination stress rupture results for samples with various combinations of HIP and heat
treatment

Condition
(HIP–Heat treat)

Time to failure
(hrs)

Elongation at failure
(%)

Failure location Final load
(MPa)

Baseline–Baseline 1.0 0 Notch 690

Baseline–MHT1 1.7 0 Notch 690

Baseline–MHT2 0.4 0 Notch 690

MHIP1–Baseline 5.7 0 Notch 690

MHIP1–MHT1 1.1 0 Notch 690

MHIP1–MHT2 2.9 0 Notch 690

MHIP2–Baseline 18.0 0 Notch 690

MHIP2–MHT1 9.5 0 Notch 690

MHIP2–MHT2 2.0 0 Notch 690

Baseline–Baseline* 3 0 Notch 690

Wrought–Baseline 61 27 Smooth 896

Combination Stress Rupture–Baseline and Modified HIP
and Modified Heat Treatments

For the samples that were HIP’ed using one of three schedules at Quintus Technolo-
gies and then heat treated using the Baseline, MHT1, or MHT2, a single sample
was tested as a combination stress rupture specimen at initial load of 690 MPa and
650 °C. These results are shown in Table 5. The values for the wrought material
and LPBF material HIP’ed at Kittyhawk (marked by an asterisk in Table 5) are the
average of two samples.

Combination Stress Rupture–Baseline HIP with Modified
Heat Treatments

Samples that received a baseline HIP treatment at Kittyhawk Products and then either
HTX, HTY, or HTZ and then tested using a combination are summarized in Table 6
[14]. The values are the average of two samples. Additional samples from HTY and
HTZ lots were tested in a backfilled argon atmosphere. Two samples of each heat lot
were tested in this condition. Baseline heat treatment per AMS 5662 and wrought
material comparisons can be made to values in Table 5.

The results in argon show a significant difference from those tested in air. In the
case of HTY samples, both samples reached the 23-h minimum and were loaded
with an additional load equivalent to ~ 50 MPa before failing, although each failed
at the notch with zero elongation of the smooth section of the CSR specimen. One
of the HTZ samples tested in argon met the elongation and fracture requirements of
the test by exceeding 4% smooth section failure and fracture in the smooth section,
but neither met the 23-h minimum requirement.
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Table 6 Combination stress rupture results for samples receiving Baseline HIP and alternative heat
treatments

Condition
(HIP–Heat treat)

Time to failure
(hrs)

Elongation at
failure (%)

Failure location Final load (MPa)

Baseline–HTX 21 0 Notch 690

Baseline–HTY 8.6 0 Notch 690

Baseline–HYZ 13.3 0 Notch 690

Samples tested in a backfilled Ar atmosphere

MHIP1–HTY 29.8 0 Notch 741

MHIP1–HYZ 14.5 0/5.9 Notch/Smooth 690

Stress Rupture–Baseline and Modified HIP with Modified
AMS 5664 Heat Treatments

One set of samples was testedwith a uniform gauge stress rupture specimen at 650 °C
and 758 MPa. These samples were HIP’ed at Quintus Technologies and then heat
treated as described above beginningwith a solution treatment at 1038 °C followed by
oil quench and a double aging treatment per AMS 5664 with or without a preceding
delta stabilization soak at 958 °C. Because this specimen design did not contain a
notch and testing was performed at a 10% higher load, the results cannot be directly
compared to the CSR results except to note under what circumstances they exceeded
the 23-h loading time and 4% elongation minimums. Three samples were tested for
each condition and shown in Table 6 with time to failure and elongation at failure
listed in corresponding order for each condition.

These results indicate that delta stabilization treatment may lower the time-to-
rupture, but increase the strain at failure, but only for Baseline HIP and MHIP1
samples. Given the intrinsic variability of time-to-rupture, it is not apparent that
one heat treatment is clearly better than another, although the lower-temperature,
higher pressure MHIP2 condition appears to reduce stress rupture time at these test
conditions.

A summary of stress rupture results at two stress levels is shown in Fig. 2. Data
are taken from Table 7 and published [5, 14] creep data. Also plotted as the letter
“W” are approximate values for wrought alloy 718 from MMPDS [15] based on the
estimated time-to-rupture derived from data in Fig. 6.7(e) according to the best-fit
equation

logt = c + b1T + b2X + b3X
2 + b4X

3

where t is time in hours, T is temperature on the Rankine scale (650 °C is 1660 R),
X is applied stress as ksi, and c and bn are constants determined by regression of
the MMPDS data (values of these constants are given in MMPDS). This comparison
shows that wrought material can be expected to outperform LPBF at 690 MPa but at
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Fig. 2 Time to rupture for stress rupture tests and creep tests performed at 650 °C and either 690
or 748 MPa. Values marked as “W” are taken from MMPDS as explained in the text

Table 7 Results of stress rupture testing performed at 650 °C and 748 MPa. There were three
samples per condition, with all results shown

HIP condition Time to failure (hrs) Elongation (%) Time to failure (hrs) Elongation (%)

1038 °C solution, oil quench, age at
760 °C/650 °C

1038 °C solution, oil quench, soak at
958 °C 1 h, age at 760 °C/650 °C

Baseline 69.4, 61.6, 1.3 2.3, 2.1, 7.0 26.5, 41.0, 68.1 3.6, 3.0, 3.0

MHIP1 71.6, 49.5, 63.2 3.0, 2.8, 2,6 51.9, 49.0, 55.5 4.0, 4.0, 4.0

MHIP2 9.2, 25.9, 34.9 5.0, 3.0, 7.0 48.3, 14.2, 4.5 8.0, 9.0, 3.0

the 10% higher stress the wrought material is within the overall scatter in the LPBF
results. Strain before failure is not accounted for in this comparison.

Discussion

Alternative heat treatments were investigated specifically to determine if heat treat-
ment of an as-printed or as-HIP’ed LPBF 718 material could be tailored to address
issues of low ductility compared to wrought material at elevated temperatures. A
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summary of observations from elevated temperature tensile testing, stress rupture,
creep, and combination stress rupture includes:

• Static strength of the LPBF version of the alloy is lower than wrought material
but still meets traditional minimum requirements for acceptance testing;

• Ductility of LPBF is significantly lower than wrought, even though room-
temperature ductility is sufficient to meet required standard minimum levels;

• Slower strain rates, such as those encountered during creep and stress rupture
conditions exacerbate the differences in ductility between LPBF and wrought;

• Fracture at slow strain rates is transgranular and ductile in wrought but intergran-
ular and brittle in LPBF;

• Despite lower ductility and propensity to brittle fracture, LPBF does exhibit the
ability to sustain a load at high temperatures, but generally exhibits awidevariation
in time-to-rupture in creep and combination stress rupture.

The tentative conclusion to these observations was that dynamic embrittlement
traceable to NbC was responsible for lower ductility. The notch sensitivity seen in
combination stress rupture testing means that a standardized means for evaluating
the quality of wrought 718 alloy is either inappropriate or too demanding of the
LPBF version of the alloy. Given the high solvus temperature of NbC, initial efforts
to address ductility and notch sensitivity were focused on manipulating the δ phase
content because δ phase is known to influence each of these [12, 16, 17], although
HTY, HTZ, andMHIP1 each contained a soak at 1200 °C that was intended to reduce
the NbC population. Examples of the difference in δ phase in samples given HTX
andHTZ heat treatments after baseline HIP are shown in Fig. 3. In Fig. 3, it is notable
that despite the high-temperature exposure of HTZ, the γ phase grain size is similar
for both.

Quasi-static tensile tests for MHIP1 samples that were exposed to 1200 °C during
the HIP cycle showed a small increase in yield strength relative to baseline HIP or
MHIP2 (Table 3) and samples exposed to HTZ show a significant increase in strength
after baseline HIP treatment (Table 4). The difference in strength between samples
with HTY and HTZ heat treatment is due to the depletion of Nb in the former during
the 900 °C soak preceding solution and aging.

Nevertheless, although there are differences in time-to-rupture (Table 6) between
the different heat treatments, there was no general improvement in terms of notch
failure or reaching the 23-h minimum load time requirement. Analysis of the phase
fractions of NbC and delta phase based on scanning electron microscopy shows that
the 1200 °C soak had a limited impact on the carbide fraction (Fig. 4, Table 8), and
the delta stabilization treatments dramatically increased the δ phase fraction. The
result was a reduction in strength but no apparent benefit for stress rupture from the
increase in δ, which has been attributed to, among othermechanisms, improved grain-
boundary compliance and providing an oxygen sink that prevents grain boundary
embrittlement via oxidation.

Figure 4 shows an example of a delta-rich HTX sample after heat treatment
where carbide and delta fractions have been separated by image analysis based on
particle aspect ratio and size. The identity of carbide particles was made based on
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Fig. 3 Electron micrographs of HTX (top) and HTZ (bottom) samples illustrating the differences
in δ phase abundance and distribution

Fig. 4 Example microstructure and image analysis to separately measure area fraction of carbide
and δ particles

Table 8 Estimated NbC and
δ content of LPBF and
wrought 718 after different
heat treatments

Heat treatment Area % NbC Area % delta

As HIP (Baseline HIP) 0.56 0.06

As HIP + 1200 °C 3 h 0.48 0.0

Baseline (AMS 5662) 0.64 0.07

HTX 0.36 9.88

HTY 0.45 6.45

HTZ 0.49 1.52

Wrought (Baseline) 0.36 5.20
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Fig. 5 EDS spectra from a carbide particle and fcc matrix showing relative enrichment (Nb, C, Ti)
and depletion of matrix elements (Ni, Cr) in particles relative to γ phase)

energy dispersive spectroscopy (EDS); an example derived from a sample prepared
for Transmission Kikuchi diffraction (TKD; [5]) is shown in Fig. 5. The roughly
equi-axed carbide particle on the surface of the sample is seen to be enriched in
carbide-forming elements Nb and Ti and depleted (relative to the fcc matrix phase)
in Ni, Cr, and Fe. Phase identification of the particle and matrix were assigned based
on Kikuchi diffraction [5].

Analysis of samples after full HTX, HTY, and HTZ treatments are compared
with samples after baseline HIP and HIP, and 1200 °C homogenization prior to any
additional heat treatment is shown in Table 8.

The small δ phase content of samples that did not receive a 900 °C delta stabiliza-
tion treatment nevertheless were solution treated at 954 °C, a temperature at which δ

is expected to be stable as a separate phase [18]. Furthermore, the wrought material
undergoing a similar solution treatment has much greater delta content than LPBF
following the same post-HIP heat treatment. An example of wrought microstructure
is shown in Fig. 6, where arrows highlight the much larger, more widely dispersed
carbide phase compared to the LPBF version in Fig. 3. These results show that
microstructural manipulation of the LPBF 718 alloy is not sufficient to ameliorate
the influence of a dispersion of numerousfine carbide particles that have their origin in
segregation during solidification of the original melt pools and play an outsize influ-
ence in environmental susceptibility and notch sensitivity of the LPBF heat treated
microstructures. The influence of elemental segregation during the solidification
of LPBF alloys has been noted previously for Inconel 625 [19] and an iron-based
superalloy [20]. Table 8 suggests that the carbide population develops during the
HIP cycle and remains relatively stable throughout subsequent thermal treatments.
The elongation and within-gauge fracture of only a single CSR sample tested in an
inert atmosphere indicates that even reducing the oxidation source is not sufficient
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Fig. 6 Microstructure of wrought 718 highlighting occurrence of NbC particles

to improve the performance, suggesting a general lack of plasticity at high tempera-
tures. Contradicting this is the observations that some samples have sustained loads
for time periods similar to wrought material prior to brittle, intergranular failure.

Because the high-temperature ductility and notch sensitivity could not be
improved via microstructural mechanisms, chemical composition was targeted as a
possible solution. A custom blend of 718 powder with theminimumpractical amount
of carbon was tested, leading to a bulk carbon content of 0.01 wt%, compared to a
typical bulk carbon content of 0.03–0.04 wt% for other lots of LPBF represented
herein [11]. The reduction in carbon content was correlated with a similar scale
reduction in carbide percentage (1.4 versus 0.4 measured area percent), an increase
in grain size for the low-carbon variety (50μmaverage grain size in standardmaterial
versus 77 μm in low-carbon material) and a decrease in γ” particle size (66 nm in
standard material versus 35 nm in low-carbon material) [11]. For material subjected
to the AMS 5662 solution and age schedules, this led to a significant increase in
the yield strength of the low-carbon material at room-temperature, and an increase
in both yield and ultimate tensile strength at 650 °C. In the high-temperature case,
the tensile strength was comparable to wrought material in the same condition, but
ductility remained much lower. The increase in strength was attributed to having less
Nb partitioned into NbC after carbide formation during HIP, because less carbon on
both a mass and atomic basis would have been available in inter-dendritic regions of
the as-solidified material.
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Table 9 Comparison of Creep and Combination Stress Rupture results for LPBF 718with standard
carbon load, low-carbon content, and wrought material

Sample Creep CSR

Time to
failure
(hrs)

Strain at
failure (%)

Minimum
creep rate
(sec−1)

Time to
failure
(hrs)

Failure
location

Elongation (%)

LPBF 114.2 1.84 1.1·10–8 3.0 Notch 0

LPBF
Low-C

102.5 0.75 5.2·10–9 2.30 Notch 0

Wrought 184.6 27.25 2.9·10–9 61.0 Smooth 27

Despite the gains in static strength [11], creep and CSR behavior (reported here
for the first time) did not show appreciable improvement over LPBF material with
a higher carbon content, exhibiting low ductility and brittle failure. A summary
of creep and CSR observations for low-carbon and typical 718 powder heats and
wrought material, all given the same solution and age treatments is shown in Table
9. These results also reinforce the importance of considering both times to rupture
and elongation, as the LPBF is evidently strengthened to some extent by a different
mechanism allowing it to sustain a load without plastically deforming. It is expected
that other important testing conditions for this alloy, especially low-cycle fatigue,
would reinforce the shortcomings of LPBF relative to wrought, further limiting its
adoption in high-reliability applications.

Conclusions

The low ductility and environmental and notch sensitivity in alloy 718 produced by
laser powder-bed fusion has been attributed to a population of NbC that is not found
in either wrought or cast forms. Acceptance tests for wrought material enshrined in
AMS standards, especially combination stress rupture or notched rupture testing, are
not likely to be applicable to LPBF 718, raising questions as to whether the quality
and performance of LPBF 718 can be assessed using traditional approaches, and
whether there are thus limitations of the operating conditions for this version of the
alloy. Attempts to improve high-temperature ductility based on heat treatments alone
were not successful in addressing these shortfalls. Reduction in carbon content of
the material was successful in reducing the carbide population, altering the γ” and
improving static strength, but still did not improve ductility or creep and creep rupture
behavior. Further reductions in carbon content might be beneficial, but the expense
of removing carbon below the 0.01 wt % level were prohibitive in this investigation.

The dispersion of carbide particles derives from the unique processing conditions
of LPBF, including small-scale, rapid solidification. Subsequent thermal processing
leads to a large population of NbC at grain boundaries where they increase the
propensity to grain boundary oxidation and weakening. The delta stabilization was
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intended to introduce features that might balance this condition, through a combi-
nation of depleting grain boundaries of γ” and thus making them more compliant
and adding possible sinks for diffusing oxygen, but they were clearly not sufficient.
Grain boundary engineering [21] reduced dynamic embrittlement but required alter-
nating thermo-mechanical processing and annealing, which is not an option for AM
materials. Other elemental constituents that have been shown to improve the envi-
ronmental sensitivity of wrought 718 material include B and Cr [22, 23]. Successful
strategies to improve high-temperature mechanical behavior may need to rely on
creating grain boundary conditions with lower NbC content and the particles that are
present on grain boundaries are oxidized less favorably than other constituents.
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Microstructure and Mechanical
Properties of Selective Laser Melting
Processed TiC/GTD222 Nickel-Based
Composite

Rui Wang, Zhe Zhang, Peng Zhang, Hailong Qin, and Zhongnan Bi

Abstract In this study, the microstructure and deformation mechanisms of selective
laser melted GTD222 and TiC/GTD222 composite were studied. The results show
that the TiC/GTD222 composite has finer grains and more precipitation phases.
Meanwhile, TiC/GTD222 composite has higher yield strength both at room and
high temperatures, which can be mainly attributed to the synergistic effect of the TiC
strengthening and γ′ strengthening. The deformation mechanisms of TiC/GTD222
composite at 800 °C were identified as isolated stacking faults shearing the γ′ phase,
continuous stacking faults shearing the γ and γ′ phases, dislocations cutting the γ′
phase, and dislocation slipwithin theγmatrix. This study provides insights for under-
standing the influence of TiC particles on the deformation mechanisms of additive
manufactured nickel-based alloys.
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Introduction

Nickel-based superalloys are widely used in aero-engine hot-end parts due to their
excellent high temperature strength, corrosion resistance, and high creep properties.
However, those hot-end parts are relatively complex in structure and require high
precision, their processing requirements preclude traditional processing methods
like casting or forging in practice [1–4]. Selective laser melting (SLM), an advanced
additive manufacturing (AM) technology that provides great flexibility in manufac-
turingpartswith complexgeometrical shapes, has become the important development
direction of hot-end parts [5–10].

In recent years, high temperature resistance requirements of hot-end parts are
increasing quickly, which needs nickel-based superalloys to possess higher mechan-
ical performance. Metal matrix composites (MMCs), which provide great potential
for improving the physical and mechanical properties of alloys, offer an opportunity
to meet the requirements of new generation hot-end parts [11, 12]. By incorporating
ceramic particles with high hardness, high modulus, and high temperature resis-
tance, Yang et al. [13] successfully prepared Hastelloy X (HX) composite containing
2wt.%TiB2 particles by SLM technology. The results show that compared with HX
alloy, the hardness of TiB2/HX composite at room temperature and high temper-
ature (850 °C) increases by 36.8 and 44.5%, respectively. In addition, the pitting
potential of TiB2/HX composite is higher than that of HX, indicating that the pitting
corrosion resistance has been improved. Zhou et al. [14] used SLM to prepare nano-
TiC reinforced IN738 composite. Compared with IN738 alloy, the ultimate tensile
strength and yield strength of 2.5wt.%TiC/IN738 are increased by 574 and 429MPa,
respectively, and the mechanical properties are significantly improved.

In this work, TiC/GTD222 powder was prepared by in-situ synthesis method, and
TiC/GTD222 composite sampleswere prepared bySLMtechnology.Themicrostruc-
tures and mechanical properties of GTD222 and TiC/GTD222 composite after heat
treatment were studied, and the strengthening mechanisms and high temperature
deformation behavior ofTiC/GTD222 composite after heat treatmentwere discussed.

Materials and Methods

In this work, GTD222 and TiC/GTD222 ingots were obtained using a medium
frequency self-induction resistance melting furnace. The GTD222 and TiC/GTD222
powders were vacuum induced gas atomized, and then, sieved to obtain the powder
with the particle size distribution of 15–53μm. The chemical composition of powder
and deposited samples are shown in Table 1.

GTD222 and TiC/GTD222 composite samples were prepared using EOS M 290
intelligent 3D printing system. The process parameters were set as follows: laser
power 280 W, scanning speed 960 mm/s, scanning pitch 80 μm, and thickness of
each layer 20 μm. The heat treatment process for both GTD222 and TiC/GTD222
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Table 1 Chemical composition of powders and deposited samples (wt.%)

Element Al Co Ta Nb Cr C W Ti Ni

GTD222 powder 1.2 19.1 1.0 0.8 22.2 0.1 2.0 2.3 Bal.

TiC/GTD222 powder 2.2 19.0 1.0 0.8 22.1 0.3 2.0 3.5 Bal.

Deposited GTD222 1.2 19.1 0.98 0.8 22.2 0.1 1.9 2.27 Bal.

Deposited TiC/GTD222 2.2 18.9 0.99 0.8 22.0 0.29 1.9 3.49 Bal.

composite was 1250 °C for 2 h, air cooling, and then the aging treatment was at
800 °C for 8 h, followed by air cooling.

For the heat treated (HTed)GTD222 andTiC/GTD222 composite, themolten pool
morphology was obtained by electrolytic etching after grinding and polishing. The
samples were etched for 5 s in 12ml H3PO4 + 48ml H2SO4 + 40ml HNO3 solution,
13 V. The microstructure of GTD222 and TiC/GTD222 composite were investigated
using scanning electron microscopy (SEM, JEF7800), equipped with an electron
backscattered diffraction (EBSD) detector. The dislocation structure of TiC/GTD222
composite was observed using transmission electron microscopy (TEM, FEI Tecnai
G2 F20).

The mechanical properties were tested in Zwick Amsler 100 HFT 5100 tensile
testers with a tensile rate of 10−3 s−1. The loading axis was perpendicular to
the construction direction of the sample manufactured with SLM. Three replicate
experiments were performed on each alloy to ensure the accuracy of the data.

Results

The microstructures of HTed GTD222 and TiC/GTD222 composite are shown in
Fig. 1. Figure 1a shows the distribution of γ′ and carbides in GTD222, Fig. 1b shows
an amplified image of blue rectangle area marked in Fig. 1a. Carbides precipitated
in GTD222 are indicated using white arrows and nanoscale spherical γ′ were high-
lighted using yellow arrows, as shown in Fig. 1b. Compared with GTD222 alloy,
TiC/GTD222 composite had more carbides after heat treatment, and the size of
carbides was slightly larger than that of GTD222 alloy, as displayed in Fig. 1c–d.
The carbide precipitation inTiC/GTD222 compositewas promoted by the adjustment
of alloy elements.

The grain morphologies and grain size distribution of HTed GTD222 and
TiC/GTD222 composite were shown in Fig. 2. According to the inverse pole figures
(IPF) displayed in Fig. 2a, b, both GTD222 and TiC/GTD222 composite samples
consisted of columnar grains. The selective orientation of the grains was obvious,
and most of them were elongated axially along the building direction. The average
grain sizes of GTD222 and TiC/GTD222 composite are 87 and 75 μm, respectively,



650 R. Wang et al.

Fig. 1 SEM images of GTD222 and TiC/GTD222 composite after heat treatment: a GTD222, b
Enlarged image of square area in c TiC/GTD222 composite, d Enlarged image of square area in c

as shown in Fig. 2c, d. TiC/GTD222 composite had finer grains than its counter-
part GTD222. In addition, no cracks were observed in IPF images, suggesting the
excellent processability of GTD222 and TiC/GTD222.

The TEM images of GTD222 and TiC/GTD222 composite after heat treatment
were shown in Fig. 3. As shown in Fig. 3a, b, the grains of GTD222 mainly
consisted of columnar and cellular structures andTiC/GTD222 composite had similar
microstructure, as shown in Fig. 3d, e. The dislocations at the edges of columnar and
cellular structures in the composite were significantly reduced after heat treatment, as
displayed in the high-magnification image of GTD222 and TiC/GTD222 composite,
Fig. 3c, f. The distribution of carbides in GTD222 was the same as that of the
TiC/GTD222 composite, distributed along the boundary of the columnar structure.
TiC particles were also identified according to the EDS mapping results, as shown
in Fig. 4.

Figure 5 was the typical tensile stress–strain curves of HTed GTD222 and
TiC/GTD222 composite at different temperatures. The yield strength of the
TiC/GTD222 composite at room temperature was 1270 ± 13 MPa, which was about
13.4% higher than that of GTD222. When tested at 800–900 °C, yield strengths
of GTD222 were decreased, and the TiC/GTD222 composites had the same trend.
According to the stress–strain curves, the yield strength of TiC/GTD222 composite
was higher than that of GTD222 alloy, and the elongation was lower than that of
GTD222 alloy. The specific values were shown in Table 2.
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Fig. 2 EBSD images of GTD222 and TiC/GTD222 composite after heat treatment: a IPF map of
GTD222, b IPF map of TiC/GTD222 composite, c Grain size distributions of GTD222, d Grain
size distributions of TiC/GTD222 composite

Discussion

Strengthening Mechanisms of Composite

Compared with GTD222, the yield strength of TiC/GTD222 composite increased
significantly after heat treatment. The EBSD results indicated that the TiC/GTD222
composite hadfiner grains after heat treatment, and their contribution to yield strength
was attributed to the grain boundary fraction that hinders dislocation movement,
which can be described by Hall–Petch relationship [15–18].

�σHall−Petch = kd−1/2

where k was the strengthening coefficient. Therefore, finer grains potentially made
a certain contribution to the improvement of the yield strength of the TiC/GTD222
composite.

The TEM image showing the interface between the carbide and the matrix is
shown in Fig. 6. A Fourier transform image of the TiC was displayed in the inset
image in Fig. 6a. Figure 6a indicates that the interface between the carbide and the
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Fig. 3 TEM images of microstructures of GTD222 and TiC/GTD222 composite after heat treat-
ment: a GTD222 columnar structures, b GTD222 cellular structures, c GTD222 carbide distribu-
tion, dTiC/GTD222 columnar structures, eTiC/GTD222 cellular structures, f TiC/GTD222 carbide
distribution

Fig. 4 EDS mapping of heat treated composite
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Fig. 5 Typical tensile curves
of heat treated GTD222 and
TiC/GTD222 composite at
different temperatures

Table 2 Mechanical properties of heat treated GTD222 and TiC/GTD222 composite at different
temperatures

Test temperature/°C Materials YS/MPa UTS/MPa EI/%

Room temperature GTD222 1120 ± 11 1380 ± 12 15 ± 1.3

TiC/GTD222 1270 ± 13 1470 ± 11 8.1 ± 1.1

800 GTD222 660 ± 10 683 ± 9 3.3 ± 0.2

TiC/GTD222 789 ± 11 797 ± 10 3 ± 0.1

850 GTD222 525 ± 8 533 ± 7 4.7 ± 0.1

TiC/GTD222 620 ± 10 636 ± 9 3.4 ± 0.2

900 GTD222 340 ± 7 368 ± 9 6.5 ± 0.2

TiC/GTD222 426 ± 9 432 ± 8 4.4 ± 0.2

matrix was well bonded and there were no reactants observed. This interface could
effectively transfer the load from the matrix to the reinforcement, suggesting the
load-bearing strengthening of particles was an important strengthening mechanism
of the TiC/GTD222 composite. And because the lattice constant of TiC was different
from that of nickel matrix, many dislocations emerged at the interface, as highlighted
by the yellow T symbol in Fig. 6b.

Owing to the thermal expansion coefficient difference between TiC particles and
nickel matrix, many dislocations will be formed during cooling. The specific values
were calculated by the model proposed by Arsenault et al. [19].

ρ = 12
�α�T VCarbide

br(1 − VCarbide)

Here, �α is the difference in the thermal expansion coefficient between the carbide
particles and the Ni matrix, �T is the temperature difference between the SLM
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Fig. 6 Bright-field TEM images of TiC/GTD222 composite: a The TEM image at the interface
between TiC and nickel matrix, and the embedded image is the selected area electron diffraction
pattern in the yellow box, b The inverse Fourier transform image corresponding to the yellow box
area

process and room temperature, b is the Burgers vector, and r is the size of carbides.
The calculated dislocation density of GTD222 and TiC/GTD222 composite are
9.832 × 1014/m2 and 1.466 × 1015/m2, respectively. The dislocation density of
the composite increased by about 49.1%. Therefore, we believe that dislocation
strengthening was a factor in the improvement of yield strength.

According to Fig. 3f, the TiC particles were mainly distributed along the bound-
aries of the columnar structures. The TiC particles with high strength and good
bonding with the matrix effectively impeded the dislocation movement inside the
grain, resulting in elevated yield strength of the TiC/GTD222 composite through
Orowan strengthening. In addition, the high proportion of spherical γ′ phase in the
composite will hinder the dislocation movement, increasing the stress needed for
dislocation slip and further strengthening the matrix.

Deformation Mechanisms of the Composite at High
Temperature

To understand the high temperature tensile plastic deformation mechanism of the
TiC/GTD222 composite, the microstructure near the fracture surface was investi-
gated using a focused ion beam (FIB) and TEM. Detailed microstructures inside the
TiC/GTD222 sample were displayed in Fig. 7a–d. The macroscopic morphology of
the FIBed slice is shown in the inset image of Fig. 7a. As shown in Fig. 7a, many slip
lines inside the sample were present in matrix, as highlighted by the yellow arrow,
which was caused by the start of the slip system. In addition, a large number of planar
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defectswere observed in Fig. 7a, b, as shown in the yellow circlemark,which isolated
stacking faults according to the shape and size of the plane defects [20]. As shown in
Fig. 7c, a stacking fault with a smaller width and longer length was also observed in
the microstructure, which was a continuous stacking fault morphology [21]. Dislo-
cation pairs were also observed in the TiC/GTD222 composite, as shown in Fig. 7d,
indicating antiphase boundary shearing occurred during plastic deformation [22].

From the above observations, the main deformation mechanisms of TiC/GTD222
composite were speculated as isolated stacking faults shearing γ′ phases, continuous
stacking faults shearing γ and γ′ phases, dislocation pairs shearing γ′ phases to form
antiphase boundary and dislocation slip within the matrix.

According to existing research, the reduction of stacking fault energy of matrix
γ phase or the narrowing of matrix γ channel promoted the formation of continuous
stacking faults [23]. In this study, Al elements (1wt.%) were added to TiC/GTD222
composite. These Al enhanced the formation of Ni3Al and increased the proportion
of γ′-Ni3Al, resulting in a narrower matrix channel between γ′ particles and more
continuous stacking faults. Regarding the formation of isolated stacking faults, it
was caused by the dislocation reaction in a/2 <101> , and the reaction equation can
be expressed as [24]:

Fig. 7 TEM images of TiC/GTD222 composite near the tensile fracture after stretching at 800 °C:
a Slip lines and isolated stacking faults, the inset is the FIB cut sample for TEM observation, b
Isolated stacking faults, c Continuous stacking faults, d Dislocation pairs
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a/2<101> → a/6<112> + a/6<211>at γ /γ ′ interface

a/6<112> + a/6<112> → a/3<112>inγ ′

According to Fig. 7d, dislocation pairswere also observed in the deformed sample.
During deforming, a large number of dislocations accumulated at the γ/γ′ interface
owing to the hindrance of γ′ ordered structure, resulting in stress concentration.
With deformation carrying on, dislocations with the same Burgers vector emerged
as dislocation pairs [22], and when the local stress increased to a certain extent,
dislocation pairs cut γ′ phases to form antiphase boundaries [22].

As shown in Fig. 5, the plasticity of TiC/GTD222 composite was lower than that
of GTD222 at 800 °C, and the slip plane separation caused by local deformation
may be the main reason for the decrease in plasticity of Ni-base superalloys. In the
process of stacking faults shearing γ′, the cross-slip of the dislocation a/3 <112>
cannot take place, resulting in local plastic deformation [25]. Once the local plastic
deformation occurred, the slip surface will separate and the alloy will fracture under
a low stress condition of finite strain, which may be the main reason for the decrease
in the plasticity of TiC/GTD222 composite.

Conclusion

In this study, the microstructure and mechanical properties of HTed GTD222 and
TiC/GTD222 composite were investigated. The main conclusions could be drawn as
follows:

1. In contrast to GTD222, finer grains, more γ′ and carbides, and higher dislocation
density were observed in the HTed TiC/GTD222 composite. The carbides were
mainly distributed along the boundaries of the TiC/GTD222 composite.

2. The yield strengths of TiC/GTD222 composite were higher than GTD222 at
both room temperature and high-temperature. The superior yield strength of
TiC/GTD222 composite can be attributed to the synergistic effect of TiC particles
and γ′ phase.

3. The main deformation mechanisms of TiC/GTD222 composite at 800 °C were
isolated stacking faults shearing γ′ phases, continuous stacking faults shearing γ

and γ′ phases, dislocation pairs shearing γ′ phases forming antiphase boundary,
and dislocation slip in the matrix.

4. The decrease in the plasticity of TiC/GTD222 composite at 800 °C was that the
stacking fault in the γ′ phases hinders the shear action of the dislocation, which
leads to the early separation fracture of the slip surface.
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Fabrication and Weldability Aspects
of Ni- and Ni–Fe Based
Superalloys—A Review

Joel Andersson

Abstract Superalloys are commonly used in structural components of aero-engines.
Superalloys in general, Ni- and Ni–Fe-based superalloys, belong to an important
group of materials used in aerospace applications. Fabrication and associated weld-
ability aspects of structural components for the hot section of aero-engine gas turbines
continue to be of high importance to the manufacturing industry within this disci-
pline. Cracking and specifically hot cracking aswell as strain age cracking is a serious
concern during the welding and additive manufacturing (AM) of these structural
components. The cracking phenomena can occur during welding, AM or subsequent
heat treatment of precipitation-hardening superalloys. The cracking behaviour can
be influenced by several factors, i.e., chemical composition in terms of hardening
elements and impurities, the microstructure of basematerial, and weld zone, together
with corresponding welding, AM and post-treatment process parameters. This paper
provides a review of Ni- and Ni–Fe-based superalloys concerning fabrication and
weldability aspects within the context of structural components of aero-engines.
Also, the paper offers insight and analyses to research publication data of welding
and AM of superalloys in the context of annual publication developed over the years
as well as specific contributions from countries, affiliations, and specific researchers.

Keywords Hot cracking · Strain age cracking · Superalloys · Welding · Additive
manufacturing

Introduction

Superalloys, in particular, the precipitation hardening Ni- and Ni–Fe-based super-
alloys, belong to the most critical class of materials in realizing the aero-engines
seen today and on long-term future horizon. The trend in the past decades, regarding
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large hot structural aero-engine components, has been through fabrication. Fabrica-
tion of hot structural components such as a turbine exhaust casing requires exten-
sive knowledge of welding of the aforementioned class of materials. Fabrication
is, apart from welding, also dependent on know-how of metallurgical aspects of
different material forms, i.e., sheet, forging, and casting as well as their implications
on welding, where additive manufacturing (AM) is a recent tool that potentially can
further enhance the fabrication concept of hot structural components. The fabrication
concept, as such, benefits from the fact that one can utilize the best out of each type
of material form, i.e., castings can be utilized where complex geometrical shapes are
needed, and sheet/wrought material form can be used when high strength and less
complex geometries are to be used. It also means that it is possible to utilize different
types of alloys within the same component, hence, expensive alloys can be mini-
mized and used where it is really needed. This rationale provides a path of tailoring
complex structural components which in turn can reduce the overall weight and cost,
depending on the circumstances. However, the journey to fully comprehend, master,
and understand the fabrication concept requires a comprehensive understanding of
material aspects in relation to material form and processes such as welding and AM.
There are several obstacles such as cracking aspects in welding and AM which need
to be addressed properly to avoid costly mistakes.

Research of Superalloys, Welding, and Additive
Manufacturing and Its Global Presence

ResearchwithinAM technology has sky-rocketed since 2010. In Fig. 1, the amount of
research (publications) in connection with “welding”, “additive manufacturing”, and
“superalloys” are presented. Publications on “welding” and “superalloys” date back
to ~1950s whereas “additive manufacturing” appeared for the first time in ~1985.
Both “welding” and “additive manufacturing” have increased significantly in 2000
and 2010, respectively, whereas research on “superalloys” have levelled up from a
quite low level from its start in the 1950s to a more moderate level since 1990s until
today.

In Fig. 2, it can be seen that when combining the search strings of “welding”
and “additive manufacturing” with “superalloys”, the amount of research within the
field of superalloys in combination with welding or AM is about ~60 and ~40 times
less, respectively, than the overall amount of research carried out within the research
fields of welding or AM.

Primary production as well as research of superalloys have traditionally had a
strong presence in G8 countries (France, Germany, Italy, Japan, United Kingdom,
United States, Canada, and Russia). Looking into the number of publications
of “welding AND superalloys” and “additive manufacturing AND superalloys”,
Figs. 3and4, the top-ten countries regarding number of publications comprises the
following countries (full list in Appendices 1 and 2):
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Fig. 1 Number of publications versus years for “welding”, “additive manufacturing”, and
“superalloys” [1–3]

Fig. 2 Number of publications versus years for “welding AND superalloys” and “additive
manufacturing AND superalloys” [4, 5]

• “welding AND superalloys”

1. China
2. United States
3. India
4. Canada
5. Japan
6. United Kingdom
7. Iran
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Fig. 3 Number of publications versus country for “welding AND superalloys” [6]

Fig. 4 Number of publications versus country for “additive manufacturing AND superalloys”

8. Germany
9. Italy
10. South Korea

• “additive manufacturing AND superalloys”

1. United States
2. China
3. Germany
4. United Kingdom
5. Canada
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6. India
7. Sweden
8. France
9. Italy
10. Japan

Most of these countries holds a “leading” position within both fields of research
(“welding AND superalloys” and “additive manufacturing AND superalloys”),
except Iran and South Korea which do not enter the top-ten list of “additive manu-
facturing AND superalloys” as well as Sweden and France who do not enter the
top-ten list of “welding AND superalloys”. China is by far producing most of publi-
cations within the research field of “welding AND superalloys” where the remaining
publications are evenly distributed among the other countries.However,UnitedStates
followedbyChina is producingmost of the publications in thefieldof “additivemanu-
facturing AND superalloys” where the remaining countries are far behind regarding
publications.

Looking further into research affiliations, Figs. 5and6, for the fields of interest the
top-ten affiliations are as follows (full list in Appendices 3 and 4):

• “welding AND superalloys”

1. University of Manitoba, Canada
2. Northwestern Polytechnical University, China
3. Chinese Academy of Sciences, China
4. Harbin Institute of Technology, China
5. Vellore Institute of Technology, India
6. Osaka University, Japan
7. Ministry of Education China, China

Fig. 5 Number of publications versus affiliation for “welding AND superalloys” [8]
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Fig. 6 Number of publications versus affiliation for “additive manufacturing AND superalloys”
[9]

8. Oak Ridge National Laboratory, USA
9. State Key Laboratory of Solidification Processing, China
10. National Research Council Canada, Canada

• “additive manufacturing AND superalloys”

1. Oak Ridge National Laboratory, USA
2. Georgia Institute of Technology, USA
3. Ministry of Education China, China
4. National Institute of Standards and Technology, USA
5. The George W. Woodruff School of Mechanical Engineering, USA
6. Chinese Academy of Sciences, China
7. Northwestern Polytechnical University, China
8. Politecnico di Torino, Italy
9. University of Pittsburgh, USA
10. Friedrich-Alexander-Universität Erlangen-Nürnberg, Germany

There is a mix of institutes and universities among the two fields of research,
however, Oak Ridge National Laboratory, Chinese Academy of Sciences, North-
western Polytechnical University, and Ministry of Education China holds a top-ten
position in both fields where University of Manitoba and Oak Ridge National Labo-
ratory outrun the others in the research fields of “welding AND superalloys” and
“additive manufacturing AND superalloys”, respectively.

On an individual author basis, the number of publications of “welding AND
superalloys” and “additive manufacturing AND superalloys”, Figs. 7and8, disclose
the following top-ten list of authors (full list in Appendices 5 and 6):
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Fig. 7 Number of publications versus author for “welding AND superalloys” [10]

Fig. 8 Number of publications versus author for “additive manufacturing AND superalloys” [11]

• “welding AND superalloys”

1. Ojo, O.A.
2. Chaturvedi, M.C.
3. Richards, N.L.
4. Shinozaki, K.
5. Gao, Z.
6. David, S.A.
7. Wanjara, P.
8. Andersson, J.
9. Nakao, Y.
10. Preuss, M.
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• “additive manufacturing AND superalloys”

1. Das, S.
2. Basak, A.
3. Kirka, M.M.
4. Biamino, S.
5. Körner, C.
6. Brailovski, V.
7. Dehoff, R.R.
8. Babu, S.S.
9. Lin, X.
10. Marchese, G.

Opposite to what has been seen regarding countries and research affiliations, there
is no individual author that “qualifies” in the top-ten list of both fields of research.

The above search in the number of publications versus year, country, affiliation,
and author do give some insight to the spread and presence of research in the fields of
interest, however, a more in-depth analyses considering patents and research funds
would add further insights.

Welding of Superalloys

There is a fair number of superalloys being used in a wide range of industrial
applications where the most used ones in aerospace can be classified as either Ni
and Ni–Fe-based solid solution hardening (i.e., Inconel 625, Hastelloy X, Nimonic
75, Incoloy 800, Haynes 556, Multimet N-155) or precipitation hardening (i.e.,
Waspaloy, Haynes 282, Inconel 939, Inconel 718, Alloy A-286, Incoloy 925) type of
superalloys. The aerospace sector alone accounts for about 70% of the total market
share with respect to superalloy usage [12]. However, a comprehensive classifica-
tion of superalloys takes a stand on the base elements (Ni, Ni–Fe, and Co), primary
hardening mechanism (solid solution hardening, precipitation hardening, and oxide
dispersion strengthening), and material form (i.e., cast, wrought, and powder). The
solid solution hardening superalloysmost often find their usage in applicationswhere
resistance towards thermal loads and environmental resistance are of importance
whereas the precipitation hardening superalloys are frequently used when higher
demands for strength are required.

In welding with both arc and high-energy beam processes, welding results in
high temperatures and large temperature gradients at the location of the heat source,
which leads to thermal stresses [13–15] and microstructural inhomogeneities [16]
being formed at the region of the weld and these can in turn lead to weld cracking
[17, 18]. The magnitude of stress and inhomogeneities vary between the different
processes and there are many pros and cons to the selection of a specific process. Gas
tungsten arc welding process (GTAW) is frequently used [19–21] since it provides
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means for clean and high-quality welds as well as being in-expensive in comparison
to high-energy beam processes, however, problems related to high heat input, lower
penetration, and more limited ability regarding automation tend to favor laser beam
welding (LBW) [22, 23]. There has been significant development on GTAW process
enabling deeper penetration and increased robustness, which in some way makes
it rival other high-energy beam processes like LBW. LBW, despite being signifi-
cantly more capital intensive [24] in comparison to GTAW, still possesses advan-
tages regarding automation and control, particularly for directed energy deposition
(DED) applications. However, recent techniques such as pulsed mode of gas metal
arc welding (GMAW), cold metal transfer (CMT), and various modes of GTAW as
Force GTAW, K-TIG, and high frequency (HF) GTAW show very promising results
in producing high-quality welds not at least including weld thicknesses larger than
3 mm, which historically has been a limit thickness for GTAW [25–29].

Still, issues regarding weld cracking persist to various degrees depending on
the specific alloy of interest and irrespective of welding process. In general, the
driving force for weld cracking originates from both internal and external sources.
The internal sources have already been implicitly mentioned above, i.e., solidifica-
tion shrinkage stresses, which vary significantly depending on welding process and
process parameters. Welding process control has developed tremendously in the last
decades, which has resulted in better control and the ability to use very low heat
input for preventing weld cracking.

Weld Cracking Mechanisms of Superalloys

Weldability can be defined as “a measure of the ease with which a metal or an
alloy can be welded or joined without degradation to the weldment microstructure
or properties during or after welding and for the duration of its intended service”
[30]. In this context, susceptibility towards cracking during welding and post-weld
heat treatment (PWHT) is of major importance. There are different types of weld
crackingmechanisms that come to play duringwelding andAMof superalloys,where
hot cracking and solid-state type of cracking, primarily strain age cracking (SAC),
are of high importance especially for Ni- and Ni–Fe-based precipitation hardening
superalloys utilized in hot structural component for aero-engines [31, 32]. Many
types of crack criteria exist to explain why and how cracking occurs, where the first
criteria dates back to ~70 years [33–36]. The relationships between metallurgical
and mechanical factors are complex, making it hard to include them in a crack
criterion, while most criteria do not account for the physical phenomena linked to
cracking, but instead aremore related tomacro-, andmicro-conditions than can result
in cracking [36]. In general, most cracking criteria can be divided into mechanical
and non-mechanical [36] where the non-mechanical ones commonly are based on
aspects such as thermal history, chemical composition, and brittle temperature range
(BTR) [33, 34]. The mechanical-based criteria, on the other hand, are normally
based on critical strain rate, critical strain, or critical stress [33–36]. It has been
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found that the mechanical criterion is of special use in predicting cracking based on
numerical simulations of various kinds, whereas the non-mechanical criterion has
been successful in predicting compositional dependencies of cracking [36].

Hot Cracking

The weld cracking that takes place during welding is referred to as hot cracking and
is further divided into solidification cracking and heat affected zone (HAZ) liquation
cracking, respectively.

Solidification Cracking

Solidification cracking is found in the fusion zone (FZ), whereas HAZ liquation
cracks occur in theHAZ. There are several theories that have been developed over the
years to explain these types of cracking mechanisms [37–39]. One concept referred
to as “Borland’s generalized theory”, Fig. 9, separates the solidification range into
four different stages [39]:

• Stage 1: Primary dendrites form as the temperature drops below the liquidus
temperature.

• Stage 2: The dendrites interlock by forming a solid network. In this stage, only
the liquid can move between the dendrites.

• Stage 3: The grain development occurs. Here, the liquid is not capable of free
movement as it is hindered by the continuous network.

• Stage 4: All the liquid solidifies.

Fig. 9 Solidification stages
according to Borland´s
“generalized theory”;
adapted from [39]



Fabrication and Weldability Aspects of Ni- and Ni–Fe Based … 669

Borland postulated that cracks could form in stage 2 if a continuous dendrite
network is formed, however, healing through backfilling is also possible at this stage.
Borland defined a “critical solidification range” (CSR) associated with stage 3. In
stage 3, substantial cracking can take place since the liquid backfilling is no longer
possible. Borland’s generalized concept has been further developed by Matsuda
et al. [40]. Nevertheless, most existing theories concur on the fact that susceptibility
towards solidification cracking is dependent on the combination of metallurgical
factors together with local strain at the final stage of solidification. The solidification
range is one important factor regarding solidification cracking where a wider range
enhances cracking susceptibility [41, 42]. However, liquid distribution and grain
boundary wetting are also of high importance, where a low surface tension tends to
enable the liquid to better wet the grain boundaries and increase the risk of cracking.

Ni- and Ni–Fe-based superalloys will always be at some risk to solidification
cracking since they solidify fully austenitic, however, welding procedure and param-
eters combined with the chemical composition of the specific alloy determine the
susceptibility of an alloy. High heat input is, for instance, something which in
general aggravates cracking since it decreases the temperature gradient which in turn
increases the solid–liquid region where cracking can take place. There are several
aspects to look out for regarding the effects of chemical composition of an alloy,
where certain elements, such as, B, C, Si, Mo, and Nb are more important than
others when it comes to the influence of solidification temperature range as well as
the terminal eutectic type that form at the end of solidification [42–44]. So, solidi-
fication cracking is strongly related to the solidification process within the FZ; the
amount of solute redistribution and solidification path, solidification temperature
range and amount as well as distribution of solute rich interdendritic liquid at the
end of solidification [45].

Heat Affected Zone Liquation Cracking

The region located just outside the FZ refers to the partially melted zone of the HAZ.
When the applied strain can no longer sustain the locally induced strain, a crack
appears. The susceptibility towards this type of cracking normally worsens with
increasing heat input, however, the parent metal grain size and alloying content are
the most important factors in determining the susceptibility towards HAZ liquation
cracking. The nature of grain boundary liquation is of central importance, where trace
elements such as B, P, and S are important aside from major elements like Nb. The
actual liquation mechanism is triggered by two different types: penetration mecha-
nism and segregation mechanism. The aforementioned trace elements are of crucial
importance in the segregation mechanismwhere B segregates via non-equilibrium or
equilibriummechanisms. Equilibrium segregation decreases with increasing temper-
ature due to increased diffusivitywhereas non-equilibrium segregation increaseswith
increasing temperature and takes place during cooling from high to low temperature
in terms of diffusion of vacancy-solute complexes to the grain boundaries [46–48].
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In a study on cast Haynes 282 where the influence on pseudo hot isostatic pressing
temperature on susceptibility towardsHAZ liquation crackingwas investigated using
Varestraint weldability testing [49] it was concluded, by performing nanoSIMS anal-
ysis, that free B was not present at 1120 and 1160 °C for a dwell time of four hours,
meaning that non-equilibrium segregation was not effective at these temperatures.
However, at 1190 °C for a dwell time of 4 h the decomposition of C-B precipitates
allowed the B to diffuse and segregate at the boundaries which were believed to be
the cause of the aggravated extent of cracking, Fig. 10 and 11.

Apart from segregation driven liquation, the following phenomena (see bullet list
below) regardingpenetration liquationmechanismhavebeen reported in the literature
[50–52], where the penetration mechanism primarily is claimed to be governed by
eutectic melting, and constitutional liquation [42, 53]:

Fig. 10 NanoSIMS elemental map showing the particle segregation of B (left image) in the grain
boundary in the 1120 °C /4 h condition and enrichment of B along the grain boundaries in the
1190 °C /4 condition, respectively adapted from Singh and Andersson [49]

Fig. 11 Average total crack
length in the HAZ of cast
Haynes 282 [49]
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Fig. 12 Grain boundary crackingwithin aGleebleweld-simulatedHAZmicrostructurewith consti-
tutional liquation of Nb(Ti) MC-type carbides located on and in close vicinity to the cracked grain
boundary. The γ-Laves eutectic surrounding the particles indicates the formation of liquid where
the presence of further gamma-Laves eutectic is indicated by right facing arrows [56]

• Constitutional liquation of secondary phases.
• Melting of the matrix.
• Liquation of precipitation hardening phases in high-volume fraction γ′ alloys.
• Melting of residual eutectic in cast material.

Constitutional liquation was originally proposed by Pepe and Savage for “maraging
steel” weldments [51], where themain aspect of thismechanism refers to a secondary
particle being exposed to fast heating rate duringwelding. This implicates insufficient
time for the particle to completely dissolve through solid state diffusion and as
a result it encounters liquation since a compositional gradient is generated at the
local particle–matrix interface, leading to partial dissolution of the precipitate and
a solute-enriched area. A liquid develops consequently as soon as the local eutectic
composition is reached and it is most common in Nb-bearing superalloys [49, 54,
55]. An example of a constitutional liquation of NbC in ATI 718Plus can be seen in
Fig. 12 [56].

The liquation mechanism in cast ATI 718Plus during weld thermal cycling can
be seen as a combination of several contributing factors, as discussed in the previous
sections, and is summarized in Fig. 13 [55, 57].

TheHAZ thermal cycle inFig. 13 is divided into three stages, basedon temperature
ranges between the eutectic temperature (Te), solidus temperature (Ts), and peak
temperature (Tp), which are highlighted in the pseudo-binary phase diagram. Stage
1 (up to Te) is characterized by the dissolution of Nb-rich phases, with a higher
diffusion rate along the grain boundaries as compared with the grain interior. In
this stage, liquation occurs from the solute segregation of minor elements, which
lowers the effective solidus of the alloy. In Stage 2 (between Te and Ts), liquation
is possible from the melting of the Laves phase or by constitutional liquation of MC
carbides, depending on the chemistry after the homogenization heat treatments. In
Stage 3 (between Ts and Tp), bulk melting occurs, with the extent of melting based
on the amount of Nb in solid solution. The overall contribution will depend on the
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Fig. 13 a HAZ thermal cycle divided into three stages based on the temperatures and b corre-
sponding pseudo-binary phase diagram for cast ATI 718Plus [55]. Adapted from Radhakrishnan
and Thompson [57]

contribution from solute segregation, Laves melting, constitutional liquation of MC
carbides and supersolidus melting of the matrix [49, 54, 55].

Strain Age Cracking

Ductility dip cracking (DDC) is a solid-state type of cracking mechanism commonly
observed in solid solution hardening Ni-based superalloys and it occurs during
cooling in the temperature range of Ts (solidus) and ~0.5Ts, which is concomi-
tant with a significant drop in ductility [45]. When significant contraction stresses
take place simultaneously with the drop in ductility, DDC could be observed and
have been significantly researched for alloys such as 617 and 740 [45]. However,
another solid-state type of cracking phenomena being more predominant in compar-
ison to DDC when dealing with aero-engine structural components is referred to
as strain age cracking (SAC). SAC is a type of cracking that occurs in the solid
state, without any prerequisites of liquid phase, when hardening takes place in the
alloy. As it is closely related to the kinetics of hardening in superalloys, this type of
cracking phenomena is primarily of concern for γ’ hardening type of alloys and was
one of the original drivers for the development of Alloy 718 [58], an alloy that is
immune against SAC, however, still suffers from hot cracking. Strain age cracking,
as a cracking phenomenon, dates back to the early 1960s. In general, SAC occurs
during the post-weld heat treatment (PWHT) and is consequently sometimes referred
to as “PWHT cracking” or “Reheat cracking” because of high weld stresses at the
same time that hardening occurs in γ’ precipitation hardening Ni-based superalloys
[59, 60]. The actual cracking mechanism is related to low ductility in the weld HAZ
and the material’s inability to accommodate stress relaxation. So, stress localization
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in the HAZ occurs because of reduced strength in comparison to the base mate-
rial. It is therefore reasonable to assume that a softer material decreases the risk of
encountering problems with SAC, whereas a harder material tends to be less resistant
[61–67]. Over-aging the material is another approach to mitigate the risk of SAC if a
normal solution heat treatment is not feasible, since it reduces the material’s strength
in favor of stress relaxation in the base material [63].

Chemical Composition and Microstructure

One of the first correlations on susceptibility towards SAC regarding the influence of
alloying elementswas suggested by Prager and Shira [61], who proposed a significant
influence of Al and Ti concentrations on precipitation behavior of the γ’ phase. The
more of these alloying elements, the higher the volume fraction and precipitation
kinetics of the γ′ phase. The more of these alloying elements, the higher the volume
fraction and precipitation kinetics of the γ′ phase, which in turn adversely affects
the risk of SAC. In Fig. 14, which is based on what Prager and Shira postulated
[61], it can be seen that a combined level of Al + Ti content above 6at-% leads to
severe problems with regard to SAC, which is also evident by comparing the high
susceptibility of René 41 [68] with that of Alloy 718. The sluggish strengthening
reaction of (γ” in Alloy 718 compared) enables stress relaxation to occur in advance
of any hardening reactions, which puts them in a highly immune state regarding SAC
[69].
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Fig. 14 Adapted Prager-Shira diagram showing [61] Al and Ti concentrations (at.%) of commer-
cially available superalloys. Reduced weldability above the grey line [60]
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Other alloying elements, such as C and B, have been claimed to be beneficial in
enhancing the resistance towards SAC, due to grain size control [70–72] as well as
grain boundary cohesion [71, 73], respectively.

From a microstructural perspective, finer grain size as well as homogenous
microstructure have been found to be of importance in preventing SAC as compared
to coarse grain size and segregated microstructure, since the distribution of strain can
be accommodated over a larger grain boundary area [62, 66, 67, 74]. The aforemen-
tioned strain can, apart from residual stresses and external restraint, originate from the
mismatch between the austenitic matrix and the γ′ phase and lead to the development
of contraction stresses, that in turn, induce tensile stresses on the grain boundaries
and consequently raise the susceptibility towards SAC [61, 75–77]. However, current
research work presumes a significant correlation between lattice misfit and suscep-
tibility towards SAC even though no available quantifiable data provide the actual
time–temperature range where SAC takes place [66, 67, 78–81]. So, in summary it
can be concluded that the main factors that influence susceptibility towards SAC are
related to [60]:

• Strain

– External weld restraint as well as solidification shrinkage strain
– Precipitation induced stress

• Stress localization at grain boundaries

– Grain size
– Carbides

• Precipitation kinetics

– Chemical composition

γ′ phase volume fraction

– Deformation hardening

• Stress relaxation

– Young’s modulus
– Time-temperature regime.

Weldability Testing

Weldability as such is quite a broad concept covering everything from actual welding
to service performance and should therefore be treated with care to avoid misun-
derstanding of its meaning. When it comes to material’s inherent weldability and
actual fabrication of hot structural components and specifically susceptibility towards
cracking during welding and PWHT one needs to be careful in assessing the overall
cracking susceptibility to avoid costly mistakes. So, based on experience [31, 49,
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Fig. 15 Proposed procedure in assessing susceptibility toward cracking duringwelding and PWHT
of superalloys. Adapted from Andersson [77]

82–86] in the evaluation of cracking susceptibility and in utilizing different types
of assessment methods, an approach [77] is proposed as disclosed in Fig. 15. The
proposedprocedure in assessing susceptibility toward cracking is utilizing a variety of
toolswhere each one of themprovides insightful knowledge on the specificmaterial’s
behavior.

Utilizing characterization tools such as optical microscopy or scanning electron
microscopy (SEM) is something that nowadays is easily accessible and that provides
good insight to what phases and constituents are present in the actual material. In
Fig. 16, a detailed high-resolution image of the Laves eutectic can be seen in cast
Alloy 718 [87].

Information gained from microstructural characterization can be used to enhance
understanding of cracking mechanisms [88]. Various kinds of thermal analyses, such
as differential scanning calorimetry (DSC) in Fig. 17, can be used to investigate
possible phase reactions during heating and cooling in welding, even though these
methods are significantly slower in heating and cooling rate in comparison.

Information from thermal analyses and microstructure characterization can be
coupled to increase understanding and develop pseudo-binary phase diagrams,
Fig. 18. Pseudo-binary phase diagrams can be used to explain possible liquation
mechanisms such as constitutional liquation, Fig. 18.

Hardness testing is a valuable tool to quickly gain insight into susceptibility toward
SAC, in terms of precipitation kinetics especiallywhen combinedwith repairwelding
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Fig. 16 Backscattered SEM image of Laves phase with eutectic morphology in cast Alloy 718 [87]

Fig. 17 A differential scanning calorimetric thermograph of Alloy 718 disclosing different phase
reactions upon heating (green curve) and cooling (blue curve) [50]

or heat treatments of various kinds as illustrated in the time–temperature-hardness
(TTH) diagrams in Fig. 19.

Hot ductility testing through Gleeble simulation can be used to tailor specific
thermal–mechanical cycles to study the underlying mechanism to liquation and
provide quantitative information on the weldability of materials. The traditional
hot ductility type of test, Fig. 20 [82], can be used to gain insight into the HAZ
and corresponding liquation mechanisms and to derive criteria for ranking mate-
rials against one another. The ductility signature measured in Fig. 20 shows a rapid
ductility loss during on-heating curve, which is related to the onset of liquation in
the material [42]. The on-cooling tests are executed by first heating a test specimen
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Fig. 18 Pseudo-binary phase diagram of ATI®718Plus™ [89]

Fig. 19 TTH diagrams for Haynes® 282® (a) and Waspaloy (b) for exposure times up to 1800s
[67]

to a peak temperature (TPeak), derived from the nil-strength temperature (NST), typi-
cally 50 °C below. Other parameters and criteria such as the nil-ductility temperature
(NDT), ductility recovery temperature (DRT), the ductility recovery rate (DRR), the
ratio of ductility recovery (RDR), and the brittle temperature range can be used as
measures for how susceptible a material would be towards HAZ liquation cracking.
The method allows studying the liquation behavior in the HAZ during welding and
can be used to compare different materials [50].

There is also a great potential in utilizing the tool to gain insight to SAC [60]where
tests such as constant load rupture tests, stress relaxation tests, stress to fracture tests,
and tests measuring ductility have been tried in the past [60]. Another frequently
used approach follows the rationale of simulating the PWHT, and to evaluate how
the ductility is affected in the temperature range where SAC occurs. This type of test
approach is referred to as constant heating rate test (CHRT) [74]. Since the CHRT
uses a constant heating rate to the different test temperatures, the effect of hardening
reactions cannot be investigated. This has led to the development of a new approach
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Fig. 20 Schematic hot ductility signature curve from the hot ductility test with corresponding test
temperatures indicated in the graph [82]

that utilizes fast heating of 1000 °C/s and subsequent isothermal exposure to obtain
microstructures with varying precipitation structure [66, 67, 82].

Variable restraint (Varestraint) weldability testing is a method that can be used
to investigate susceptibility towards hot cracking [42, 85]. The test is carried out
by applying an external load to a specimen at the same time as it is being welded.
Varestraint testing provides a way to rank materials, conditions, welding processes,
and parameters against one another. In Fig. 21, an example is presented regarding
Varestraint testing of cast Alloy 718 in three different conditions, as cast, hot isostatic
pressing (HIP)-1120 °C-4 h and HIP-1190 °C-4 h. [87]. The scatter in cracking
response is unfortunately normally large when dealing with cast materials, however,
the average data indicate the condition of HIP-1190 °C-4 h being the worst of the
investigated conditions, which, despite the large scatter, have been also observed
for other alloys [49, 56]. So, scattering in test data and other types of factors that
add uncertainties to the understanding of cracking behavior is just another proof
of the importance of not relying on single type of test method, one should utilize
a wide portfolio of methods to successively build a comprehensive and reliable
understanding of the underlying mechanisms.

Conclusions

Research within AM technology has increased exponentially since 2010, dating back
to ~1985, however, the number of publications for “welding” and “superalloys” has
had a more modest increase dating back to ~1950s. The top-ten countries as well as
affiliations regarding the greatest number of publications within the field of “welding
AND superalloys” coincide to a large extent to the top-ten countries in the field of
“additive manufacturing AND superalloys” with few exceptions. Fabrication can
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Fig. 21 HAZ liquation cracking response with standard deviations for Varestraint testing of cast
Alloy 718 in the as cast, HIP-1120 °C-4 h and HIP-1190 °C-4 h conditions [87]

be seen as an enabler for more efficient aero-engines by reducing the weight of
structural components. It is dependent on know-how of metallurgical aspects of
different material forms, i.e., sheet, forging, and casting as well as their implications
on welding. Additive manufacturing is an additional recent tool that can potentially
further enhance the fabrication concept of hot structural components. The aerospace
sector dominates the total market share (70%) with respect to superalloy usage.
Weldability as a concept can be defined as ameasure of the easewithwhich ametal or
an alloy can be welded or joined without degradation to the weldment microstructure
or properties during or after welding and for the duration of its intended service.
In this context, susceptibility towards cracking during welding and post-weld heat
treatment (PWHT) is of major importance. Weld cracking in Ni- and Ni–Fe-based
precipitation hardening superalloys is predominantly related to hot cracking and
strain age cracking (SAC), which are of high importance especially for hot structural
applications in aero-engines. There has been significant development on gasmetal arc
welding processes such as pulsed mode of GMAW, cold metal transfer, keyhole, and
high frequency, which provide deeper penetration and a more robustness, however,
laser beam welding despite being significantly more capital intensive still possesses
advantages regarding automation and control, not at least of high importance in
directed energy deposition type of processes.

Ni- and Ni–Fe-based superalloys will always be at some risk of solidification
cracking where welding procedure and parameters combined with the chemical
composition determine the susceptibility of an alloy. High heat input, in general,
aggravates cracking since it decreases the temperature gradient which in turn
increases the region of solid–liquid where cracking can take place. Certain elements
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such as B, C, Si, Mo, and Nb are more important than others when it comes to the
influence of solidification temperature range and formation of terminal eutectic at
the end of solidification.

Heat-affected zone liquation cracking on the other hand is very much related to
grain boundary liquation, where trace elements such as B, P, S, and Nb are impor-
tant. The actual liquation mechanism is triggered by two different types: penetration
mechanism and segregation mechanism. Trace elements such as B are of crucial
importance in the segregation mechanism, where it segregates via non-equilibrium
or equilibriummechanisms, whereas the penetrationmechanism primarily is claimed
to be governed by eutectic melting, and constitutional liquation.

Strain age cracking (SAC) occurs in the solid state, without any prerequisite
of liquid phase, and occurs when hardening takes place in the alloy. It is closely
related to the kinetics of hardening in superalloys, and it is primarily of concern for
γ′ hardening superalloys. SAC occurs during the post-weld heat treatment (PWHT)
and is consequently sometimes referred to as “PWHTcracking” or “Reheat cracking”
because of the high welding stresses that develop at the same time that hardening
occurs in γ′ precipitation hardening Ni-based superalloys. The main factors that
influence susceptibility towards SAC are related to induced strain, stress localization
at grain boundaries, precipitation kinetics, and the ability for stress relaxation.

Weldability testing is necessary to account for the aforementioned concerns
related to cracking, however, weldability, as such, is quite a broad concept that
covers everything from actual welding to service performance and should therefore
be treated with care to avoid misunderstanding of its meaning. A proposed proce-
dure in assessing susceptibility toward cracking is to utilize a variety of tools, where
each one of them provides insightful knowledge on the specific material’s behavior.
The proposed procedure involves systematic work of metallography, thermal anal-
ysis, hardness testing in combination with thermal treatments, hot ductility testing,
welding using different processes, as well as Varestraint testing.

Acknowledgements I sincerely thank Prof. Olanrewaju Ojo at the University of Manitoba for
reviewing and providing fruitful input to the paper.
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Tensile Properties of Inconel 718
Produced by LMD-Wire

J. Cormier, S. Cabeza, G. Burlot, R. Bordas, M. Bordas-Czaplicki,
F. Machado Alves da Fonseca, S. Polenz, F. Marquardt, E. Lopez,
and P. Villechaise

Abstract The anisotropy in tensile properties of Wire Laser Metal Deposited
Inconel 718 (LMD-w) has been investigated from room temperature up to 750 °C at
a strain rate of 5.0 10–4 s−1. These properties have been investigated along, at 45°
and perpendicular to the building direction. Moreover, different heat treatments have
been used: as-built, solution heat treated to dissolve Laves phases, solution treated
+ aged to trigger γ′/γ′′ precipitation and direct-aged. According to this extensive
characterization of tensile properties, complemented by SEM and EBSD characteri-
zations, it is shown that, whatever the temperature, Yield stress and tensile resistance
have a very weak anisotropy and that tensile properties are mostly dependent to the
prior heat treatment state. The anisotropy is mostly observed on elastic properties,
due to a pronounced crystallographic texture inherited from the directional thermal
gradient during the building process. Moreover, Laves phases do not seem to have a
strong impact on tensile properties for this coarse grain material. Tensile strength in
such an LMD-processed Inconel 718 is mostly controlled by the γ′/γ′′ precipitation
and stored “processing” dislocations. A loss of tensile ductility has been evidenced
at 750 °C, due to grain boundary oxidation.
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Introduction

Inconel 718 is the most widely used superalloy thanks to an attractive cost in addition
to both high mechanical strength at high temperature (of up to 650–680 °C) and
good corrosion/oxidation resistance [1–3]. This alloy finds applications in nuclear
power plants [4], oil & gas [5], turbochargers for formula 1 racing cars, industrial
gas turbines for power generation and aero-engines [6–11]. It is typically used in
this last field for the manufacturing of high-pressure turbine and compressor disks,
low-pressure turbine rings, casings, seal rings, fasteners as well as some airfoils and
other static parts. Another reason for the extensive use of Inconel 718 is its good
processability and weldability allowing for repair operations to be performed more
easily compared to γ′-strengthened alloys [12, 13], like, e.g., Waspaloy, Rene 65,
Udimet 720Li, Inconel 738LC, Mar-M247.

As original engine makers are now selling their gas turbines more and more
with Rate-Per-Flight-Hour contracts [14], including maintenance at fixed (extended)
period of time, the repair and refurbishment of components have become major
issues. Maintenance, Repair and Overhaul (MRO) services have a main goal in
repairing more engines, more components, faster and better than before, aiming to
extend engine life and to reduce the cost associated with the entire replacement of
the damaged part. Within this context, Metal Additive Manufacturing (AM) is a
very promising processing route, especially using Direct Energy Deposition (DED)
techniques [15, 16], to repair components such as blade tips, seal rings, shrouds
and shroud fences and many other precise operations, more specifically considering
Inconel 718 alloy thanks to its wide range of applications and its good weldability.

In this article, a special focus is paid to the tensile properties of LMD-w processed
alloy 718 in a wide temperature range (room temperature up to 750 °C) and with
different post-processing heat treatments to better understand how such a process
can affect at tensile properties. In fact, if tensile properties of Inconel 718 processed
by different AM techniques have already been widely studied over the past five years
[17, 18], very few of them have focused on LMD-w [18, 19], a technique known to
generate quite pronounced dendritic segregations in the as-processed state as well
as a strong texture. The work presented in this article is part of an on-going effort
between Faunhofer IWS in Dresden (Germany), Institut Laüe Langevin in Grenoble
(France) and Institut Pprime in Poitiers (France) aimed at better characterizing the
development of residual stress during the LMD-w process of Inconel 718 and during
post-processing heat treatment and how building conditions and residual stresses
affect at the subsequent mechanical properties such as tensile and relaxation ones.
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Experimental Procedures

Material

An Inconel 718 (IN718) feedstock wire material with a diameter of 1 mm has been
used in this study. Thewire has been provided byVDMGermany (Nicrofer 5219Nb)
and its chemical composition before printing is presented in Table 1. The elemental
composition of IN718 feedstock wire was measured via inductively coupled plasma
atomic emission spectroscopy (ICP-OES) technique using a SPECTRO ARCOS
ICP-OES spectrometer. As a substrate for thewire-DEDprocess, non-textured forged
Inconel 718 baseplates were used. No specific consideration to the baseplates will
be given in this article as no specific focus will be placed on the interface between
the printed material and the substrate.

LMD-w manufacturing technique has been employed to fabricate IN718 walls at
Fraunhofer institute for this study with a typical dimension of 15 × 100 × 50 mm3

(see Fig. 1). Laserline LDF 4000–30 diode laser with coaxial laser wire cladding
head (COAXwire) [20] has been used with a laser power of 900 W for the 5 first
layers, and then an 800 W power for further layers. Such a decrease in laser power
has been used to avoid wire stuck to the nozzle due to the high thermal input. A wire
feeding rate of 1250 mm/min and a 25 L/min Argon protective flow rate have been
used to print thesewalls. As a printing strategy, meander scanning strategywith±45°
rotation on each layer have been selected. Building Direction (also called “Vertical”
hereafter), Wall Axis (also called “Horizontal” hereafter) and Through Thickness
directions are defined in Fig. 1.

Heat Treatment

In an aim to dissolve Laves phases and to further trigger the precipitation of γ′ +
γ′′ strengthening particles, a Nabertherm 1800 furnace has been used. Temperature
has been controlled with an S-type thermocouple attached to each specimen, with a
±2 °C accuracy. Solution heat treatments from 1000 °C up to 1250 °C have been
performed to dissolve as much as possible Laves phases and to homogenize the
chemical composition across the dendritic structure of the alloy. Water quench has
been applied to specimens at the end of each solution treatment trial. Once a given
optimal solution treatment has been selected, further “classical” aeronautic aging
heat treatment (i.e., 8 h at 720 °C + 8 h at 620 °C, cooling at 50 °C/h in between

Table 1 Chemical composition of the Inconel 718 wire (wt %) used in this study

Fe Ni Cr Nb Mo Ti Al Co Si Mn Cu

17.5 53.5 18.6 5.1 2.9 1.0 0.50 Max 1.0 Max 0.35 Max 0.35 Max 0.30
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Fig. 1 Photograph of an IN718 LMD-w process wall labelled with axis directions

both steps) has been applied to the specimens to provide a γ′ + γ′′ precipitation. It
is worth noticing that such heat treatments have been performed on cylinders before
final machining of tensile specimens.

Metallographic Examination

Observations of Laves phases has been performed on specimens mechanically
polished up to SiC 4000 paper, and then polished to 1 μm with diamond suspen-
sion. For a better observation of the microstructure, the samples received electrolytic
polishing using A3 electrolyte from Struers for 8 s at 45 V and 4 °C.

Scanning Electron Microscope (SEM) observations were all performed using a
field emission gun (FEG) SEM JEOL 7000F with an accelerating voltage of 25 kV.
Some fractographic observations after tensile tests were also performed using the
same microscope. The area fraction and size of Laves phases have been quantified
using the Visilog software and in-house developed algorithms [21].

Finally, large electron back-scattered diffraction (EBSD)maps (340× 1000μm2)
have been performed using a JEOL 6100 SEM operating at 20 kV. EBSD data have
all been post-processed and analyzed using the OIM software. A scanning step of
0.5 μmwith hexagonal grid pattern has been used for such EBSD characterizations.
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Mechanical Testing

Tensile samples were extracted from the walls using electric discharge machining,
both vertically (loading direction BD) and horizontally (loading direction TD). Addi-
tional specimenswere extracted at 45° of both directions. Before tensile testing, spec-
imensweremechanically polished up to 4000 grade SiC abrasive paper to remove the
surface affected by work hardening due to the turning operations. The final polishing
step was performed along the specimens’ loading axis.

Tensile tests were conducted from room temperature (RT) up to 750 °C at a
strain rate of 5.0 10–4 s−1 using an Instron 8562 testing system. Temperature was
controlled with a two-zone resistive furnace with a ±1 °C accuracy and a ±3 °C
temperature heterogeneity along the gauge length. A 15 °C/min heating rate was
applied up to 30 °C below the target temperature and then a final heating at 3 °C/min
up to the target temperature. Before tensile straining, a 15 min soak time was applied
before each experiment, except for those performed at 750 °C. The tensile strain was
measured using in-house water cooled extensometer with an initial basis of 12.5 mm.
Experiments were performed using cylindrical specimens with a 42 mm total length,
14 mm gauge length and a 4 mm gauge diameter. These specimens have M6 × 100
threaded heads. An additional test at 750 °C has also been performed in high vacuum
(P < 10–6 mbar) [22–24] to assess at the role of environment on ductility.

Results and Discussion

Solution Heat Treatment

In an aim to optimize tensile properties of LMD-w processed IN718, different solu-
tion heat treatments fromRT up to 1250 °C have been performed so as to dissolve the
Laves phases as much as possible. In fact, Laves particles, located in the interden-
dritic spacings and rich in Nb and Mo (Nb content higher than 9 wt. %, according
to EDS characterizations not shown here) results from the dendritic solidification
during casting/welding/AM processes [25]. Figure 2 presents the evolution of Laves
precipitation state as a function of temperature for 1 h solution treatments (ST). A
decrease in area fraction of white particles is observed by increasing the temperature.
A Laves surface fraction of <0.5% has been reached after a 1 h ST at 1200 °C, starting
from a 6–8% area fraction in as-built (AB) conditions (see Fig. 3a). It is also worth
mentioning that the Laves area fraction can be as high as ~10% locally, close to wire
interlayers. Figure 3b also shows that the hotter and the longer the ST, the greater
the Laves phases dissolution, as expected. Contrary to other studies showing a total
dissolution of Laves phases for ST in the 1050–1150 °C temperature range [17, 18,
26, 27], it has never been able to reach a full dissolution of Laves phases, even by
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Fig. 2 Laves phases precipitation structure in as-built state (a), and after 1 h solution heat treatment
at 1000 °C (b), 1050 °C (c), 1100 °C (d), 1150 °C (e) and 1200 °C (f)

Fig. 3 Evolution of Laves phases area fraction as a function of temperature for 1 h solution heat
treatment (a) and as a function of time for different temperatures (b)

extending the duration of ST. This is probably due to a very high dendritic segre-
gation compared to other studies. Further ST at 1225 and 1250 °C led to a similar
amount of residual Laves particles (~0.5% area fraction) but with some evidence
of local incipient melting at the hottest. Hence, given the nature of the process and
possible heterogeneities from bottom top of the walls [18], it has been decided to
only apply a 1 h/1200 °C/Air Quench solution heat treatment for specimens tested
in tension. These specimens will be denoted as “ST” in the following of this article.
Moreover, solution treated specimen using this solution heat treatment and further
aged using the aeronautic heat treatment will be denoted as “ST + Aged”. Finally,
some specimens will be direct-aged (DA), by applying the aeronautic aging sequence
on the AB state.
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Crystallographic Structure

Figures 4 and 5 present the crystallographic structure in the AB and ST states,
respectively. These figures are presenting Index quality maps (Figs. 4a and 5a),
inverse pole figures (IPF) along building direction (Figs. 4b and 5b) and along wall
axis (Figs. 4c and 5c). It is seen in Fig. 4b and c some noise, corresponding to each
Laves particles, as they do not diffract like the austenitic FCCmatrix. Such a “noise”
corresponds to all dark spots in Fig. 4a and is almost absent in the ST state. As a very
striking result, these EBSDmaps are presenting a very columnar typemicrostructure,
with multi-millimetric grains along BD. Some recrystallized grains can be observed
between each layer in the AB state (Fig. 4), grains transforming to columnar ones
after solution treatment (see left part of EBSD maps in Fig. 5b and c)

As a most striking result from these EBSD characterizations, both states present a
very textured crystallographic structure. Texture maps coded along BD and WA are
presented in Fig. 6.Both states are showing amarked~<012> crystallographic texture
alongBDand a ~<112> texture alongWA(texture index >20 for both states), which is
hardly affected by theST. Indeed, the small variations inmain crystallographic texture
between both states can results from small differences in the exact location where
specimens have been machined out from the walls as well as to the growth of smaller
columnar from interlayers. All in all, these walls are presenting a crystallographic
structure very similar to directionally-solidified (DS) type structure [23, 28, 29], with
a collection of ~<012> oriented grains along building direction.

Tensile Properties at Room Temperature, 450 and 650 °C

True stress versus true strain tensile curves are presented in Fig. 7. Thirty seven tests
are included in this figure, for specimens tested alongBD (Vertical),WA(Horizontal),
at 45° of the building direction, and in four different microstructural states: as-
built, solution treated, solution treated and aged and direct-aged. The DA state has
only been characterized along horizontal direction. According to Fig. 7, LMD-w
IN718 performs better in terms of yield stress (defined at 0.2% plastic offset—YS)
and ultimate tensile stress (UTS) in DA state, followed by ST + aged, AB and
then ST states at RT, 450 and 650 °C (Fig. 7a–c respectively). An opposite trend is
obtained for ductility, ST specimens presenting the highest strain at failure. Such a
trend in tensile resistance is not a surprise given that γ′ + γ′′ is the main source of
strengthening in alloy 718 [30–32]. A similar trend was already observed in cast &
wrought (C&W) alloy 625 regarding γ′′ precipitation [33, 34]. The effect of post-
processing heat treatment appears to affect much more tensile properties of LMD-w
IN718 in comparison to the loading direction. Tensile results at 750 °C (Fig. 7a) will
commented later in this article.
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Fig. 4 EBSD characterizations of the as-built microstructure: Index Quality (a) and inverse pole
figures coded along BD/Vertical (b) and along WA/Horizontal (c) directions

Figure 8 summarizes the evolution of Young’s modulus, YS, UTS and ductility as
a function of temperature in the RT-650 °C temperature range. According to Fig. 8a,
Young’s modulus is far higher for specimensmachined at 45° of the loading direction
in the AB state, and more generally, for most of the specimens machined at 45° of
the BD. The fact that 45° specimen in AB state have a very high Young’s modulus
(values typical of ~<111> oriented single crystals) compared to all other direction
while other 45° specimens STor ST+Aged haveYoung’smodulusmore comparable
to other orientations may arise from the fact that machining at +45° or −45° with
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Fig. 5 EBSDcharacterizations after a 1 h/1200 °C solution treatment: IndexQuality (a) and inverse
pole figures coded along BD/Vertical (b) and along WA/Horizontal (c) directions

respect to the BD does not lead to the same crystallographic grain distribution in
these specimens, given the pronounced texture illustrated in Figs. 4 and 5. Also, it is
seen that horizontal and vertical specimens are Young’s moduli not so different, what
could be a surprise according to the very pronounced texture illustrated in Figs. 4
and 5. Such a result can be understood in the sense that vertical specimens have a
~<012> orientation while horizontal ones have a ~<112> texture, two orientations
being very close in terms of Young’s modulus given the cubic anisotropy of Ni-based
fcc materials [35, 36]. It is also worth recalling that elasticity in alloy 718 is mostly
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Fig. 6 Texture maps in the
As-Built and 1 h/1200 °C
Solution-Treated states
coded along BD and WA
directions

affected by crystallographic texture and only weakly by the precipitation state, as
already proven recently by Cormier et al. for C&W IN718 [37].

The evolution of YS, UTS and ductility as a function of temperature (Fig. 8b–d
respectively) are showing that these tensile properties are mostly dependent to the
intragranular precipitation state, and possible stored dislocation density during the
LMD process, in good agreement with prior studies [17]. In fact, it is known from
the literature that IN718 presents quite high tensile properties in the AB state due
to a high density of dislocations organized in cell structures (see, e.g., some results
about IN718 processed by PBF-L or DED [38, 39]). Moreover, we have recently
demonstrated that high levels of residual stresses are obtained after printing IN718
cylinders by LMD-w [40]. So as to get a better idea of the level of tensile properties
of these LMD-w printed IN718 specimens, a comparison has been made in Fig. 8b–d
with C&W specimens machined out from a forged component submitted to a DA
heat treatment. These specimens had a very fine grain (ASTM 10-11), and, more
importantly, have been tested using the same set-up, specimen’s geometry and strain
rate [7, 41]. One can see that C&W DA specimens have ~300 MPa higher YS
and ~100 to 200 MPa higher UTS compared to its LMD-w counterpart, in all the
temperature range. Such a decrease in yield and tensile strength mainly results from
the very large grain size of LMD printed specimens, leading to a lower Hall & Petch
strengthening. This larger grain size, however, always provide a better ductility in
all the temperature range compared to the C&W fine grain DA alloy.
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Fig. 7 Tensile curves at 5.0 10–4 s−1 of LMD-w IN718 at room temperature (a), 450 °C (b), 650 °C
(c) and 750 °C (d). A variation in soak time at maximum temperature before testing has been used
for tests performed at 750 °C, this soak time being indicated in the legend of (d). These plots are
representing the True Stress versus True Strain tensile data

As YS is one of the most critical design criteria for the design of aero-engine
components, the YS anisotropy has been evaluated for all microstructural state, taken
the properties along vertical direction as a reference (i.e., the YS anisotropy coeffi-
cient is defined as the ratio between YS along one direction and YS along vertical—
BD—direction). Figure 9 shows the evolution of the coefficient of anisotropy as a
function of temperature. Variation in tensile properties of, at most, 10% are observed
at RT and 450 °C. This anisotropy seems to increase at 650 °C, peaking up to ~25%
for the ST state. This could be a result of an unstable microstructure at this tempera-
ture (i.e., onset of intermetallic precipitation) but such a result deserves to be further
investigated.All in all, given the results presented in Fig. 9, a rather limited anisotropy
in tensile properties is observed in our LMD-w specimens, a results pretty similar
to those obtained by Moverare et al. using PBF-L specimen [42] and Seow et al.
using WAAM processed specimens [26]. A larger anisotropy in tensile properties
has, however, been obtained by other teams using PBF-L processed specimens [17,
43, 44], probably due to different grain sizes and/or initial density of dislocations.
It is also worth mentioning that a very similar level of tensile anisotropy has been
obtained for cold metal transfer processed Waspaloy by Sazerat et al., a process also
leading to a very pronounced columnar <001> texture along BD [45].
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Fig. 8 Evolution in tensile properties at 5.0 10–4 s−1 of LMD-w IN718: Young’s modulus (a),
Yield Stress at 0.2% plastic offset (b), Ultimate Tensile Stress (c) and Ductility (d). Data for fine
grain (ASTM 10-11) C&W direct-aged material have been extracted from Nicolaÿ et al. [7, 41]

Fig. 9 Evolution of the
yield stress anisotropy
coefficient taking data along
the Building/Vertical
direction as a reference

Figure 10 presents some typical fracture surfaces after tensile tests at RT. It has
been chosen to only show results after RT testing as such fracture surfaces are repre-
sentative of those obtained at 450 and 650 °C. Despite a very limited anisotropy in
tensile properties as discussed before, such ductile fracture surfaces are all presenting
a very anisotropic failure, with an elliptical fracture surface for all specimens. Such an
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Fig. 10 Fracture surface after tensile tests at room temperature in as-built horizontal (a), as-built
vertical (b), Solution-treated horizontal (c) and Solution-Treated+Aged Horizontal (d) specimens

elliptical fracture surface is characteristic of a plastic deformation mostly dominated
by single slip activity at the grain scale, as expected for <012> oriented Ni-based
superalloys [46–48]. Such spectacular fracture surfaces also result from the very
large grain size of our specimens, leading to a mechanical behavior very similar to
those that can be obtained in Ni-based single crystalline specimens.

Tensile Properties at 750 °C

The tensile behavior at 750 °C of LMD-w IN718 specimens is presented in Fig. 7a.
Only AB specimens have been tested at this temperature as the microstructure is
known to evolve rapidly at this temperature in the form of γ′ and γ′′ coarsening, but
also through the γ′′ → δ transformation [49, 50]. For very short soak time (5 min
and less) horizontal and vertical specimen present a very similar YS. However, the
soak time before testing at 750 °C has been observed to have a spectacular impact
on the tensile behavior. In fact, the longer the soak time, the higher is the YS lower
is the ductility. Figure 11 shows that a YS increase of ~250 MPa and a decrease of
ductility by a factor of 6 have been obtained by increasing the soak time at 750 °C
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Fig. 11 Evolution of the yield stress at 0.2% plastic offset (a) and of the ductility (b) as a function
of the soak time at the testing temperature for tensile tests at 750 °C/5.0 10–4 s−1

before testing up to ~4 h. To better understand such a result, and, more specifically,
the loss of ductility, a tensile test in high vacuum using the same tensile parameters
and specimen’s geometry has been performed. It is observed a ductility very similar
and even better than the specimen without soak time at 750 °C. Such a result clearly
highlight that rapidγ′ andγ′′ precipitation is occurring at 750 °Cbefore and during the
tests, a result in good agreementwithSlama et al. andBalan et al. [51, 52].Moreover, a
grain boundary embrittlement due to oxidation occurs at such a temperature [53, 54],
what could be a serious limitation for repaired components should they be exposed to
such very high temperature. It can even be inferred that testing at tensile strain rates
lower than 5.0 10–4 s−1 would lead to an even more severe drop in tensile ductility
[55, 56].

On the Impact of Laves Phases

One of the striking results from our study is the excellent ductility of As-Built speci-
mens, whatever the orientation and temperature (see Fig. 8d). This ductility is always
larger than 25% of plastic deformation at failure, despite a Laves phase content
approaching 10%. While Laves phases are often considered to be detrimental to
mechanical properties by inducing a debit in ductility, fracture toughness and fatigue
life [25, 57, 58], it seems that such a trend is not observed in our present case. It
is speculated by the authors that this non-effect of Laves phases on ductility mostly
result from the extremely large grain size in our specimens. The possible effect of
the high amount of Laves phases in our specimens could be a lack of γ′′ precipita-
tion upon further direct aging of the material, as a high fraction of Nb element is
trapped in these intermetallic phases. Such a lack of γ′′ precipitation does not seem
to be observed as our DA specimens have always exhibited the highest YS and UTS
values among all our LMD-w processed specimens (see Fig. 8b and c), especially
compared to ST+Aged specimens. The respective contributions of the initial stored
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dislocation density after printing and γ′ + γ′′ precipitation to the tensile strength
have to be objectively established (like what has been done on C&W IN718 [7, 59,
60]) to get a full picture of the impact of Laves phases.

Conclusions

From the present study devoted to the characterization of tensile properties of LMD-
w processed IN718 alloy in the room temperature −750 °C temperature range, the
following conclusions can be established:

• A very textured material is obtained after LMD processing, with a strong ~<012>
texture along building direction and a ~<112> texture along wall axis. This
textured material is weakly affected by the application of a very high tempera-
ture solution heat treatment. Such a directionally-solidified like granular structure
leads to an anisotropic deformation of tensile specimens, whatever the loading
direction and testing temperature.

• A high content of Laves phases is obtained in the as-built state (up to 9–10%
area fraction). A solution heat treatment of 1 h at 1200 °C has been determined
to be optimal to reduce this Laves phase content to nearly 0.4–0.5% but it has
been found impossible to fully remove Laves particles within the investigated
time/temperature conditions.

• Direct aging after LMD processing provides the best tensile properties at room
temperature, 450 °C and 650 °C, followed by the solution treated + aged state,
then As-Built state and finally, the solution treated state. Tensile strength is mostly
controlled by the precipitation of γ′ + γ′′ particles and then, by the initial dislo-
cation density after LMD processing. Tensile strength of all our LMD-processed
specimens is, however, far lower than a fine grain C&W direct-aged IN718 tested
in the same conditions.

• Despite a very textured material, a weak overall tensile anisotropy has been
observed at all tested temperatures.

• Laves phases do not induce a debit in tensile properties and, more specifically, a
debit in tensile ductility. This is probably due to the very large grain size of our
material.

• Tensile properties at 750 °C of As-Built material are highly sensitive to the testing
procedure. The longer is the soak time at 750 °C before testing, the higher is
the Yield stress and the lower is the tensile ductility, due to grain boundary
embrittlement.
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Microstructural and Tensile Properties
Evolutions of Direct-Aged Waspaloy
Produced by Wire Arc Additive
Manufacturing
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and Roland Fortunier

Abstract The microstructure and tensile properties of direct-aged Waspaloy manu-
factured using wire arc-based Cold Metal Transfer (CMT) have been investigated.
Samples were exposed to temperatures ranging from 700 to 900 °C, for up to 96 h. In
the as-deposited condition, pronounced chemical segregation is inherited from the
process, leading to heterogeneous γ′ precipitation between dendrite cores and inter-
dendritic spacings. γ′ size and distribution were measured in both areas for each heat
treatment, and a diffusion-controlled coarsening behavior following the Lifshitz–
Slyozov–Wagner theory was observed for temperatures above 760 °C. Activation
energies were calculated. Tensile tests at room temperature were carried out not
only on the additively processed alloy before and after aging but also on wrought
sub-solvus and super-solvus treated material for reference. Results showed that heat
treatment significantly increased the yield strength and ultimate tensile strength of the
CMT samples, of up to +340 MPa compared to the as-built conditions. Elongation,
however, decreased from 40–45% to 16–28%. Direct-aged CMT Waspaloy exhib-
ited similar behavior to that of wrought super-solvus Waspaloy, due to their large
grains (~200–250μm). Anisotropy in tensile properties was estimated by calculating
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the ratio of properties for horizontal and vertical specimens. Finally, the forma-
tion of intermetallic phases was assessed. Thermodynamic calculations predicted
the formation of M23C6, η, and σ phases in interdendritic spacings at thermody-
namic equilibrium in the range 700–900 °C. Using electron diffraction patterns
and energy-dispersive X-ray spectrometry, intergranular (Cr, Mo)23C6 secondary
carbides decorating grain boundaries and located near (Ti, Mo)C primary carbides
in the interdendritic spacings were observed to nucleate and grow.

Keywords Waspaloy · WAAM-CMT · Aging · Microstructure · Tensile
properties · Secondary phase

Introduction

Waspaloy is a nickel-based superalloy first developed in the 1950s and patented
in 1960 [1]. Widely used in its wrought form for high-temperature components in
aircraft engines, its mechanical properties are excellent for service temperatures up
to 750 °C, i.e., 100 °C higher compared to Inconel 718, thanks to the high stability of
the γ′ phase [2–4]. With original engine makers now selling engines with fly-by-the-
hour contracts, including a fixed maintenance cost over an extended period of time,
repair and remanufacturing have become major issues. Maintenance, Repair, and
Overhaul (MRO) services are challenged in repairing more engines, faster and better
than before, aiming to extend engine life and reduce the cost associated with the
entire replacement of the damaged part. Moreover, Metal Additive Manufacturing
(AM) has gained interest over the past decade and provides a wide range of new
refurbishing methods. Welding-based Wire Arc Additive Manufacturing (WAAM)
processes offer great advantages for the repair of large components considering their
high deposition rate, high efficiency, and lower cost compared to powder technologies
[5]. In particular, Cold Metal Transfer (CMT), a variant of Gas Metal Arc Welding
(GMAW), allows for a lower heat input, hence a smaller heat affected zone (HAZ),
as a result of the short-circuiting droplet transfer [6]. A significant reduction in
deformation and residual stress is therefore accomplished [7].

While Inconel 718 produced by WAAM [8–10], and more specifically by CMT
[7, 11, 12], has been a frequent subject of published research, only a few articles were
issued on TIG Waspaloy [9, 13, 14]. Data on this material using CMT is lacking in
the literature. Due to its higher Al/Ti ratio, Waspaloy is more susceptible to Strain
Age Cracking (SAC) and is therefore often considered as marginally weldable [2,
15]. However, Inconel 718 has a larger solidification range (170 °C) in comparison
with Waspaloy (70 °C), meaning the latter is less likely to experience hot cracking,
whether it would be solidification or liquation cracking, during welding [16].

Post-weld heat treatments (PWHT), especially aging, are frequently performed
on age-hardenable superalloys to enhance microstructural stability and increase
mechanical properties by triggering/optimizing γ′ precipitation through coarsening.
During aging, the formation of secondary carbides (M6C andM23C6) can be observed
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due to the decomposition of primary carbides ofMC type [17, 18]. Long-term thermal
exposure can also allow the precipitation of intermetallic compounds such as Topo-
logically Close-Packed (TCP) phases, the most common ones being μ, σ, P, and
Laves [19, 20]. Typically composed of Cr, Co, Mo, and W, their presence has been
proven to be deleterious to mechanical properties [21], especially creep [18, 22,
23]. Such phases can also cause a significant decrease in oxidation resistance [24].
Moreover, residual stresses are a critical issue in AM due to the steep temperature
gradient associated with the thermal cycle. Highly localized heating followed by
cooling generates thermal expansion and contraction within the material [25, 26].
PWHT can be a way to relieve the residual stresses inherited from the process [2].
Stress relief, however, tends to happen simultaneously with γ′ precipitation hard-
ening during PWHT which can lead to SAC. For this reason, PWHT should be a
compromise allowing for improved mechanical properties and residual stress relief,
but avoiding the formation of unfavorable compounds, TCP phases for instance, and
preventing SAC.

Within this context, the purpose of the present article is to study microstructural
evolutions of CMT Waspaloy in the 700–900 °C temperature range, as well as the
impact on tensile properties at room temperature. The as-deposited material was first
investigated in order to assess the changes after direct aging, and the γ′ coarsening
kinetics were evaluated.

Experimental Procedures

Material

A single-pass multi-layer wall (Fig. 1) of Waspaloy filler wire was deposited on a
wrought Hastelloy X substrate using a Fronius welding system operating in CMT
mode. The wire had a diameter of 0.9 mm, and its chemical composition is given in
Table 1. Argon was used for shielding, with a flow rate of 15 L · min−1 at the torch
gas nozzle. TheWire Feed Speed (WFS) was set to 7 m · min−1 and the Travel Speed
(TS) to 250 mm · min−1. A few experiments were also conducted on the cast and
wrought (C&W) Waspaloy supplied by the company Aubert & Duval, serving as a
reference to draw the comparison with the CMT material.

Heat Treatment

Rectangular samples and tensile specimens were extracted by electron discharge
machining (EDM) from the thin wall in both longitudinal and transverse directions
and placed in a Nabertherm P330 furnace to receive direct aging heat treatments.
The samples were positioned in a crucible in contact with an S-type thermocouple,
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Fig. 1 Photograph of a
single-pass multi-layer CMT
wall (130 × 80 × 6.5 mm)
labelled with axis directions

Table 1 Chemical composition of the Waspaloy wire (at %), provided by Safran Aircraft Engines

Ni Cr Co Mo Ti Al Fe C Si Mn Cu B S P

55.48 21.15 12.70 2.54 3.43 2.94 1.22 0.38 0.12 0.03 0.02 0.016 <0.01 <0.01

leading to a temperature accuracy of ±1 °C. Exposure times ranged from 4 to 96 h
and temperatures ranged from 700 to 900 °C. The samples were air quenched after
aging.

The wroughtWaspaloy samples received two different heat treatments to examine
the effect of grain size on microstructure and mechanical properties. A sub-solvus
solution heat treatment, 1020 °C for 4 h/Air Quench (AQ), was carried out on the
first batch to obtain small grains. Double aging (850 °C for 4 h/AQ +760 °C for
16 h/AQ) was then performed. The second batch received a super-solvus solution
heat treatment, 1135 °C for 2 h, to trigger larger grains before double aging (1040 °C
for 4 h/AQ + 760 °C for 16 h/AQ).

Metallographic Examination

Aged samples were polished using SiC abrasive papers up to grade 4000, and then
polished to 1μmwithdiamond suspension. For a better observationof themicrostruc-
ture, the samples received electrolytic polishing using A3 electrolyte from Struers
for 8 s at 45 V and 4 °C, followed by chemical etching using aqua regia (75% HCl
+ 25% HNO3).

Two Scanning Electron Microscopes (SEM) were used in this study. The general
microstructure as well as γ′ precipitation was characterized using a field emission
gun (FEG) SEM JEOL 7000F with an accelerating voltage of 25 kV. Chemical
segregation was evaluated using Energy-Dispersive X-ray Spectrometry (EDS) on a
JEOL 6100 SEM at 15 kV.

A Thermo Scientific Talos F200S G2 Transmission Electron Microscope (TEM)
was used at 200 kV for Selected Area Electron Diffraction (SAED) to determine
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the crystallographic nature of an unknown intermetallic phase precipitating after
aging heat treatment. [001] zone axis observations were performed on a thin sample
prepared using Focused Ion Beam (FIB), while [110] and [111] observations were
done on a second thin sample prepared manually by grinding down to a 40 μm
thickness, followed by thinning and milling with a precision ion polishing system
(PIPS). EDS was also performed on the same equipment to study the chemical
composition of secondary phases.

The average γ′ size was measured for each aging condition in both primary
dendrite arms and interdendritic regions using the image processing software ImageJ.
SEM images containing at least 200 precipitates were analyzed.

Mechanical Testing

Tensile tests were conducted at room temperature at a strain rate of 10–3 s−1 using
an Instron 8862 testing system. The displacement was measured using an Instron
extensometer with a modified basis of 8.78 mm. Experiments were performed on flat
dog-bone-shaped micro specimens with a 10 mm gauge length, 2 mm width, 1 mm
thickness, and 32mm total length. Tensile sampleswere extracted from thewall using
EDM, both vertically (loading directionBD) and horizontally (loading directionTD).
Each aging condition, as well as the as-deposited material, has therefore been tested
twice to assess tensile anisotropy. Tensile samples for the wrought material were
cylindrical (M6 type) with a 4 mm diameter, 14 mm gauge length, and 42 mm
total length. A total of 34 tensile tests were achieved. Prior to testing, the samples
were mechanically polished up to 4000-grade SiC abrasive paper to remove the
surface affected by work hardening. The final polishing step was performed along
the specimens’ loading axis.

Results and Discussion

As-Deposited Microstructure

To study the effect of direct aging, the as-deposited microstructure was analyzed
first. SEM images revealed a dendritic structure (Fig. 2a–b). As shown in Fig. 2c,
MC primary carbides with a blocky shape are present in interdendritic spacings.
Ultra-fine spherical γ′ precipitation was observed, with a pronounced size difference
between dendritic cores and interdendritic spacings. γ′ precipitates in interdendritic
spacings have an average diameter of 16.1± 3.2 nm,while those in the dendritic cores
displayed an average diameter of 6.0 ± 0.8 nm, suggesting that there is a substantial
chemical segregation inherited from the CMT process and its rapid solidification.
Figure 2d shows an EBSDmap of two CMT layers deposited on a wrought substrate.
While the latter has small equiaxed grains (22.78 μm on average), the additive
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Fig. 2 As-deposited material (a, b) dendritic structure perpendicular and parallel to the building
direction respectively, (c) inhomogeneous γ′ precipitation and d EBSD inverse pole figure map of
the interface and the first two layers, with respect to the building direction (BD)

Table 2 Chemical composition of the different areas in the as-deposited material (at %) obtained
by SEM–EDS

Ni Cr Co Mo Ti

Bulk 56.24 ± 0.18 20.18 ± 0.07 13.58 ± 0.05 2.26 ± 0.02 3.55 ± 0.12

Dendritic
cores

56.75 ± 0.13 20.36 ± 0.08 14.19 ± 0.15 2.06 ± 0.03 2.48 ± 0.13

Interdendritic
regions

55.53 ± 0.75 19.84 ± 0.18 12.91 ± 0.25 2.50 ± 0.24 4.97 ± 1.04

Fe Al Mn Si

Bulk 1.40 ± 0.02 2.70 ± 0.01 0.05 ± 0.01 0.05 ± 0.00

Dendritic cores 1.49 ± 0.03 2.62 ± 0.04 0.03 ± 0.01 0.03 ± 0.02

Interdendritic regions 1.31 ± 0.04 2.78 ± 0.26 0.04 ± 0.02 0.12 ± 0.06

material displays a strong<001> texturewith columnar grains oriented in the building
direction.

This phenomenon was confirmed with SEM–EDS measurements of the average
chemical composition in both regions, as shown in Table 2. As expected from the
previous observations, interdendritic regions are enriched in γ′ formers Ti and Al,
leading to a larger precipitate size. The analysis also demonstrated that MC carbides
were (Ti, Mo)C.
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Effect of Thermal Exposure on γ ′ Evolution

Figure 3 shows an example of γ′ precipitation evolution in both primary dendrite
arms and interdendritic regions after exposure at 800 °C, from 4 to 96 h. Using
similar SEM observations, γ′ average diameter was measured and the distribution
was plotted for each direct aging condition. Figure 4 presents the effect of aging time
and temperature on the average γ′ diameter, in comparison with the as-deposited
reference. For temperatures above 760 °C, γ′ coarsened with increasing aging times
and almost homogenized at 96 h, reaching about the same size in both regions. The
data for 700 °C, however, show almost no coarsening within the investigated time
range, with even a small decrease in size after 4 h. This could be explained by γ′
nucleating at this temperature, instead of coarsening. Indeed, the size distribution
graphs in Fig. 5a–b show very few differences for the data at 700 °C and various
exposure times, especially in the dendritic cores where the maximum peaks remain
centered at 10–15 nm. On the contrary, at 845 °C (Fig. 5c-d), the values flattened and
shifted right towards greater diameters when aging time was increased, as a clear
sign of particle growth.

Since γ′ precipitates in CMT Waspaloy are spherical, the coarsening behavior
can be expected to follow the cubic law of Lifshitz, Slyozov, and Wagner (LSW)
[27–29]:

〈r(t)〉3 − 〈r0〉3 = k · t (1)

with k = 8γ · C∞ · Vm
2 · D

9R · T (2)

Fig. 3 Secondary electron images of γ′ precipitation a–c in dendritic cores after 4, 16, and 96 h at
800 °C, respectively, d–f in the interdendritic spacings after 4, 16, and 96 h at 800 °C, respectively
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Fig. 4 Average diameter of γ′ precipitates as a function of aging time at different temperatures in
a dendrite cores and b interdendritic spacings

Fig. 5 γ′ size distribution for different aging times in a dendritic cores at 700 °C, b interdendritic
spacings at 700 °C, c dendritic cores at 845 °C, and d interdendritic spacings at 845 °C
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Fig. 6 Coarsening plots of γ′ precipitates in a dendritic cores and b interdendritic spacings, with
linear fitting curves and associated equations. The insets show magnifications of the data for 700
and 760 °C

where t is the aging time, r0 is the initial radius in the as-deposited condition, k is the
kinetics coefficient, γ is the surface free energy of the precipitate–matrix interface,
C∞ the solute concentration in the matrix at equilibrium, Vm is the molar volume
of the precipitate, R is the universal gas constant, T is the absolute temperature, and
D is the diffusion coefficient of solute atoms in the matrix. The plot of <r(t)>3 −
<r0>3 as a function of exposure time t is presented in Fig. 6. A linear relationship
between the two variables is obvious in the 800–900°C temperature range. The
LSW theory is therefore validated for this temperature range, with very satisfactory
coefficients of determination (R2 > 0.98). Exposure at 760 °C was also consistent but
with slightly lower R2. On the other hand, 700 °C did not display a linear behavior at
all, presumably because ofγ′-nucleation takingplace at this temperature, as explained
previously.

Moreover, the slopes of each linear fitting curve inFig. 6 represent the temperature-
dependent kinetics coefficient k. The diffusion coefficient D has an Arrhenius type
behavior and can be defined as D = D0 · e− Qac

R·T , with D0 being a constant [29].
Therefore, Eq. (2) can be expressed as

k = A

T
· e− Qac

R·T (3)

whereA is a constant,Qac is the activation energy for diffusion-controlled coarsening,
R is the universal gas constant, and T is the absolute temperature. By plotting ln(k · T)
as a function of 1/T (Fig. 7), the activation energies for γ′ precipitate coarsening in
both dendritic cores and interdendritic spacings can be determined, based on exper-
imental data. Data obtained in the 760–900 °C temperature range were considered
since their coarsening correlatedwell with the LSW theory, while data at 700 °Cwere
excluded from this coarsening analysis because of the aforementioned reason. Linear
fitting curves with reasonable determination coefficients (R2 > 0.92) were obtained.
Using the slope of the linear curves, the activation energy for diffusion-controlled
coarsening was estimated at 289.1 kJ · mol−1 for dendritic cores and 335.9 kJ · mol−1
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for interdendritic regions. Despite a lower γ′ volume fraction, a lower energy is thus
required for precipitate growth in dendritic cores, probably due to the absence of any
other intermetallic phase precipitating in these areas (see subsequent section). More-
over, the value obtained in primary dendrite arms is close to the activation energy of
Al and Ti diffusion in pure Ni (270 kJ · mol−1 and 257 kJ · mol−1, respectively [30,
31]), suggesting they are the main elements whose diffusion in the matrix is control-
ling the coarsening process. On the other hand, interdendritic spacings require about
15% more energy for precipitate growth, meaning the reaction is slower.

Wang et al. studied the coarsening kinetics of wrought Waspaloy at 960 °C and
1000 °C; activation energies were estimated to be 255.4 and 256.5 kJ · mol−1, respec-
tively [32]. The values found in the present work for CMT Waspaloy are therefore
a bit higher than expected. However, most nickel-based superalloys have activa-
tion energy in the range 250–290 kJ · mol−1 [29, 33–35], so the value calculated
for dendritic cores is in good agreement with prior literature. The one obtained for
interdendritic spacings could be due to the distribution broadening and the pres-
ence of very different γ′ sizes with various coarsening kinetics. For larger sizes, the
growth rate slows as a consequence of the adjacent matrix being depleted of the
solute elements [36]. In addition, the formation of intermetallic phases preferentially
in these regions has been observed (see subsequent section), and there could be a
competitive relationship between their precipitation and the γ′ coarsening process.
The value is, however, still consistent when compared to N18 (335 kJ · mol−1 [37])
and René 65 (350–358 kJ · mol−1 [38, 39]).

From the results presented previously, it seems that thermal aging allows miti-
gating the chemical segregation and leads to a better chemical homogeneity between
dendritic cores and interdendritic spacings, thanks to the diffusion of solute elements
in the matrix. To verify this, SEM–EDSmeasurements were carried out again after 4
different aging treatments. The segregation coefficient k′ was calculated for the main
alloying elements i based on their atomic fractions xi:

k ′ = xi, dendrite core
xi, interdendritic spacing

(4)

Fig. 7 Arrhenius plot for γ′ coarsening in CMT Waspaloy
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Fig. 8 Segregation coefficient evolution with aging heat treatments

Figure 8 shows k′ in the as-deposited condition and its evolution with various
aging temperatures and times. While k′ = 1 implies the alloying element is perfectly
distributed, k′ > 1 means the element is preferentially located in the dendrite cores
and k′ < 1 in the interdendritic spacings. Ni and Cr are uniformly spread out unlike
Co and Fe which are mostly in the dendritic cores. Ti, Mo, and Al are concentrated in
the interdendritic spacings.With the exception of the data at 845 °C, there is a general
trend for k′ to approach 1 when increasing the aging temperature, especially when
comparing the as-deposited state with the results after a 16 h exposure at 900 °C. Co
and Fe segregation coefficients decrease lightly towards a value of 1.0, while Ti and
Mo coefficients are getting closer to 1.0 in a more obvious way. The major deviation
for 845 °C could be explained by the formation of intermetallic phases in rather large
amounts at this temperature. It is also worth recalling that since the additive material
is very heterogeneous by nature, variations could also be due to the sample extraction
location in the wall or the position of the analyzed surface within a layer.

Room Temperature Tensile Properties After Aging

Figure 9a shows the tensile properties at room temperature for the as-deposited
material, along loading directions TD and BD, with a comparison to the C&W
materials (sub- and super-solvus). It can be seen that additive samples, prior to aging,
have a remarkable ductility. The vertical specimen has an elongation of 44.4% due
to the columnar grain growth orientation being parallel to the loading direction.
Classical values for strain at failure in wrought Waspaloy optimized with complete
heat treatment (solution annealing and double aging) are about 24.5% [40]. The
yield strength (YS) and ultimate tensile strength (UTS) prior to aging, however, are
significantly lower than for the wrought Waspaloy: 557 and 850 MPa respectively,
on average. This is in agreement with the works of Xu et al. on Plasma Arc Welding
(PAW)-WAAM Inconel 718; an average YS of 515 MPa and UTS of 793 MPa
were found in this as-deposited material [8]. The curves for the horizontal and the
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Fig. 9 Engineering stress-strain curves at room temperature for CMTWaspaloy a as-deposited and
b direct-aged, including tests on C&W material for comparison

vertical CMT are different, indicating that there is anisotropy inherited from the
additive process. As expected, the sub-solvuswrought sample exhibited better tensile
behavior than the super-solvus, thanks to the much smaller grain size (21 vs. 270μm
for sub-solvus/super-solvus, respectively).

As can be seen in Fig. 9b, direct aging allows for a significant increase in YS and
UTSofCMTWaspaloy. Because such a type of direct aging does not affect grain size,
this is achieved mainly through the nucleation and coarsening of γ′, as demonstrated
previously. Elongation, on the other hand, decreases but remains within a reasonable
16–28% range. Within the ranges of temperature and exposure times studied in this
work, aging results in such amajor improvement of tensile properties that the additive
samples exhibit a behavior close to the one of the super-solvus wrought material.
Columnar grains in CMT Waspaloy have an average width of about 200 μm (see
Fig. 2d, similar toWAAMInconel 718 [41]),meaning that the debit in tensile strength
observed in Fig. 9b is mainly a result of the out-of-equilibrium γ′ precipitation due
to the fast cooling during the CMT process.

The evolution of tensile properties (YS,UTS, and elongation) at room temperature
as a function of exposure time for each aging temperature is presented in Fig. 10. At
700 °C (Fig. 10a), YS and UTS improved with increasing aging time for both TD
and BD loading directions. Moreover, it is important to note the major difference in
properties after only 4 h at this lower temperature. As it has been shown γ’ size does
not considerably change at this temperature (see Fig. 5a–b), this improvement must
be due to an increase in precipitate volume fraction. At 760 °C (Fig. 10b), vertical
and horizontal samples showed different behaviors. Although YS and UTS strongly
increased at first for both, a decrease was observed after 48 h for loading in TDwhile
BD steadily escalated. At 845 °C (Fig. 10c), despite an increase of properties after
4 h of annealing, a decrease in YS and UTS is then observed when extending the
exposure time.

A general decrease in ductility (−26% on average) occurs after direct aging,
and for a majority of the tests carried out, the minimal elongation is reached after
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Fig. 10 YS, UTS, and fracture strain evolutions as a function of exposure time at a 700 °C, b
760 °C, and c 845 °C

48 h. Performing an aging heat treatment on CMTWaspaloy is, nevertheless, quickly
advantageous for YS and UTS, especially at lower temperatures (700–760 °C) and
short times (4 h). Indeed, enhancements of +308 and +338 MPa were obtained
respectively, on average.

In order to estimate a potential evolution in tensile anisotropy, property ratios
Y SH
Y SV

and UT SH
UT SV

can be calculated. The closer the ratio is to 1, the more isotropic
the material is. Figure 11 shows the extent of anisotropy at room temperature in the
as-deposited condition, as well as a few examples of direct aging heat treatments that
greatly reduced anisotropy.

All the data presented in Figs. 10 and 11 suggest that 4 h at 760 °C may be
the most interesting compromise with such printing parameters to achieve close-to-
isotropic CMT Waspaloy in tension. In fact, it allows to significantly increase YS
(+182MPa) and UTS (+217MPa), maintain a fair ductility (25%), and reduce tensile
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Fig. 11 Property ratios of yield strength (YS) and ultimate tensile strength (UTS) for CMT
Waspaloy at room temperature

anisotropy by half compared to the as-deposited state. Moreover, this heat treatment
is quick and at a reasonably low temperature, meaning that it could be applicable for
refurbishment practices as it may not further degrade the bulk microstructure of the
repaired substrate.

Effect of Thermal Exposure on Phase Formation

While aging allows for γ′ coarsening and improvement of tensile properties, precip-
itation of intermetallic phases also occurs. Grain boundary decoration is observed
for as soon as 4 h at 700 °C, as well as the formation of bright plate-like precipitates
in the interdendritic spacings, as shown in Fig. 12a. While the grain boundary parti-
cles are typical for this material, the plates are unusual. Preferentially located around
primary (Ti, Mo)C carbides, this phase seems to have a favorable precipitation orien-
tation since all plates exhibit a parallel and perpendicular relationship to each other
(Fig. 12b). Due to this specific morphology and orientation, the first hypothesis on
the nature of such white phases leaned towards TCP phases.

Figure 13 displays the TEM-EDS element maps, showing the grain boundary is
an alternation of large γ′ (150–200 nm) with secondary carbides enriched in Cr and
Mo. Quantitative analysis revealed they are (Cr,Mo)23C6, as reported in the literature
[3, 42]. The plate-like precipitates also exhibited a similar elemental distribution, but
since they are thinner and surrounded by more γ matrix, they do not show up as well
on the distribution maps.

Nevertheless, chemical composition and precipitate morphology are not sufficient
to identify an unknownphase. TCPphasesσ andμ, for example, are known for having
needle and plate-like morphologies, and the following chemical compositions: (Cr,
Mo)6(Ni, Co)4 [43, 44] and (Co, Fe, Ni)7(Mo, W, Cr)6 [45], respectively. For this
reason, the crystal structure of thesewhite phases was studied using SAED. Figure 14
presents electron diffraction patterns in zone axes [001] and [111] of three different
phases at once: γ, γ′, and the plate-like particles. The latter appears to have a cubic
lattice, with a d-spacing (10.7 Å) almost three times larger than that of γ/γ′ (3.6 Å).
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Fig. 12 Secondary electron images of CMTWaspaloy microstructure after exposure at 800 °C for
16 h a general overview and b interdendritic plate-like precipitates at higher magnification

[110] zone axis was also analyzed to verify that the crystallographic structure of
these white phases is indeed cubic, and not tetragonal. Identical patterns were found
for grain boundary secondary carbides. All these features are typical for M23C6 in
nickel-based superalloys [46, 47].

Moreover, quantitative TEM-EDS analyses in extremely thin areas of TEM foils
allowed for an estimation of the chemical composition of the interdendritic precipi-
tates: 46.55 Cr, 23.07 C, 14.61 Ni, 9.84 Mo, 4.69 Co, 0.81 Ti, 0.34 Al, and 0.08 Fe
(at %). Therefore, it can be concluded the plate-like precipitates are also secondary
carbides of the M23C6 type. Even so, they relate to the matrix according to the well-
known cube-on-cube orientation relationship: (111)M23C6 // (111)γ/γ′ and [110]M23C6

// [110]γ/γ′.
Finally, thermodynamic calculations were carried out using Thermo-Calc and the

TCNi10 database. From SEM observations, it was assumed that CMTWaspaloy had
a ratio of 25/75 between the volumetric fraction of interdendritic regions and that
of dendritic regions, meaning the solidification of the last 25% of liquid generates
the former. Based on the chemical composition of the wire used to manufacture
the samples (see Table 1), the Scheil–Gulliver model was applied to determine the
chemical composition of the last 25% of liquid. Equilibrium calculations were then
carried out using the previously calculated composition as input data. This allowed
to simulate more precisely which phases are present in the interdendritic spacings at
equilibrium and what their compositions are. Figure 15 shows the evolution of phase
molar fraction with temperature. As observed in this study, the software predicted
the formation of TiC and M23C6. Although not detected experimentally in the 700–
900 °C temperature range, the precipitation of TCP phases σ and η is also indicated,
in equilibrium conditions. An explanation for this difference is that the CMT process
induces a non-equilibrium solidification, and the material therefore requires much
longer exposure times to approach equilibrium. The average chemical composition
predicted by Thermo-Calc for M23C6, η, and σ between 700 and 900 °C is shown in
Table 3.
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Fig. 14 SAED patterns for γ, γ′, and M23C6 in a [001] zone axis and b [111] zone axis

Table 3 Chemical composition (at %) of the intermetallic phases in interdendritic regions of CMT
Waspaloy at 700–900 °C, as predicted by Thermo-Calc

Cr Co Mo Ti Fe Al Mn Si Ni C

M23C6 66.31
±0.49

0.92
±0.18

9.43
±0.16

0 0.20
±0.02

0 ~0 0 ~2.45
±0.45

20.70
±0.01

η 42.25
±0.55

12.16
±0.27

21.21
±0.43

~0 1.23
±0.15

~0 ~0 ~0 ~23.17
±0.53

0

σ 0.61
±0.04

3.17
±0.41

0.11
±0.05

22.34
±0.33

0.49
±0.04

1.97
±0.32

0 ~0 ~71.33
± 0.52

0

Fig. 15 Equilibrium molar
fraction of phases as a
function of temperature in
the interdendritic regions of
CMT Waspaloy, as predicted
by Thermo-Calc from the
composition of the last 25%
of liquid
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Conclusions

The effect of thermal exposure in the 700–900 °C temperature range on the
microstructure and tensile properties of CMT Waspaloy has been investigated. The
as-deposited microstructure consists of columnar grains with a strong <001> texture
and dendritic structure within, leading to major chemical segregation and therefore
heterogeneous γ′ precipitation. While mostly nucleation occurred at 700 °C, the
growth kinetics of γ′ in both dendritic cores and interdendritic spacings in the 760–
900 °C temperature range are in good agreement with the LSW theory. Activation
energy for the diffusion-controlled coarsening was determined to be 279.9 kJ · mol−1

for dendritic cores and 326.7 kJ · mol−1 for interdendritic regions. Moreover, aging
allowed for the reduction of chemical segregation through the diffusion of solutes
and resulted in γ′ size homogenizing between the two regions.

Thanks to aging and its resulting γ′ nucleation/coarsening, tensile properties (YS
and UTS) at room temperature were increased compared to the as-deposited material
up to levels similar to a super-solvus C&Wmaterial. The tensile anisotropy was also
reduced after aging compared to as-built conditions.

Finally, the formation of intermetallic phases was assessed. (Cr, Mo)23C6

secondary carbides decorate the grain boundaries,while plate-like precipitates appear
near (Ti, Mo)C primary carbides in the interdendritic spacings. SAED revealed the
plates have a cubic lattice with a d-spacing estimated at 10.7 Å. TEM-EDS high-
lighted that they are enriched in Cr (46.55 at %), C (23.07 at %), and Mo (9.84
at %), therefore they were identified as M23C6 carbides as well. Thermodynamic
calculations were in agreement with the experimental observations, predicting the
formation of both MC and M23C6 in interdendritic spacings at equilibrium condi-
tions. Although η and σ phases were expected from the simulations, they were not
found in the materials under the aging conditions studied in the present work.
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IN718 Cold Gas Repair Spray of Large
Cavities—Microstructure and Residual
Stresses

Florian Lang, Johannes-Christian Schmitt, Sandra Cabeza, Thilo Pirling,
Jochen Fiebig, Robert Vassen, and Jens Gibmeier

Abstract Cold gas spray is an established process for coating substrates with similar
or dissimilar materials. By use of a high-pressure process gas stream, solid particles
are accelerated onto a substrate at supersonic velocities. The method is particularly
suited for repair applications since neither structural changes nor oxidation occur
during the process. To investigate the suitability of the cold gas spray process for
the repair of major defects with up to 4 mm depth in Inconel 718 components,
sample geometries were manufactured, containing tapered cavities. The specimen
cavities were filled with Inconel 718 particles by a cold gas spray process. Non-
destructive high-resolution neutron diffraction experiments were performed by use
of the SALSA instrument at the Institut Laue-Langevin (ILL) to evaluate the local
residual stress state in the as-sprayed condition. 2Dmaps of the residual stress distri-
bution over the cross-sectional area of the filled cavities were determined. The results
indicate compressive residual stresses within the filled process zone. Metallographic
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examinations show a good bonding between the repair filling and the substrate as
well as strongly deformed particles within the repaired region. The latter indicates
significant plastic deformation during cold gas spray, which is also in good agree-
ment with increased diffraction line width from the neutron diffraction analyses in
the filled process zone compared to the surrounding substrate.

Keywords Cold gas repair spray · Residual stress analysis · Neutron diffraction ·
Inconel 718

Introduction

Cold gas spray (CGS) is an established thermal spraying technique for depositing
similar or dissimilar materials onto a substrate by combining two or more solid
phases. By use of a high-pressure process gas stream, solid particles with a diameter
of 1µm≤ dparticle ≤100µmare accelerated to supersonic velocities (up to 1500ms−1

[1–4]) and directed onto a substrate, where they form a closed coating. To achieve
this, particles are injected into a convergent-divergent de-Laval nozzle where they
are mixed with a pre-heated main gas stream (Tgas ≤1500 K). While passing the
nozzle, the gas-particle stream is accelerated to supersonic speed and cools down in
the process. Pre-heating the main gas flow increases the sonic speed of the gas and
allows for the acceleration of the particles to higher velocities. Usually, Helium or
Nitrogen (or a mixture of both) are used as process gas, due to their thermodynamic
properties [5]. Figure 1 shows a schematic of the CGS process, wherein a process
gas is divided into a main and a by-pass flow. The main flow is heated in a gas heater
to increase the sonic speed. The by-pass flow is used to transport particles from the
powder feeder into a de-Laval nozzle where it is mixed with the main flow and then
accelerated onto a substratewhere a dense coating is formed. The bonding of particles
to the substrate takes place due to the high kinetic energy of the particles, which
leads to strong plastic deformations and adiabatic shear instabilities [1, 6, 7]. They
in turn lead to a form-fit connection of particles to the substrate. In contrast to other
thermal spray processes, CGS is considered as a low-temperature process, since the
deposition takes place in the solid instead of the liquid or gaseous state. It is alsomore
environmentally friendly, since the power requirement is comparatively low, and no
toxic gases or chemicals are needed [8–10]. Applications of CGS include surface
functionalisation, e.g. to improve wear and corrosion resistance [11, 12] or create
an antimicrobial surface [13], additive manufacturing of parts (CSAM—Cold Spray
Additive Manufacturing) [14–16], and the repair of damaged components (CGRS—
Cold Gas Repair Spray). Recently, CGRS has been the subject of increasing research
activities. Some examples from the literaturewhereCGRShas been successfully used
to repair a variety of components with superficial, corrosion, or wear-related damage
in different applications are briefly mentioned below: Wiedener et al. used CGRS
to repair the hard-to-reach internal sealing bore hole of a 6061 aluminium alloy
hydraulic valve actuator for naval applications with similar materials [5]. In military
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Fig. 1 Diagram of the cold gas spray process

Inital Step I Step III ResultStep II

Fig. 2 Sequence scheme of cold gas repair spray process: a near-surface damage which occurred
during operation (Initial) is milled out and the surface is prepared for the coating (Step I). The cavity
is filled by means of cold gas spray (Step II). The specimen is then machined to restore the original
geometry (Step III) in order to obtain a refurbished component for recommissioning (Result)

aircraft, chafing around fastener holes in aircraft skin leads to wear damages and
results in the fit of the panel exceeding tolerances. Using CGRS, 2024-T6 aluminium
skin panels were repaired using 6061 aluminium particles instead of being replaced
saving money and conserving resources [17, 18]. MOOG Aircraft Group found that
worn Inconel nose-wheel steering actuators of a Boeing 737, repaired by means
of CGRS, showed better corrosion resistance when compared to replacement parts
[19]. Figure 2 schematically illustrates the procedure to CGRS components: The
initial state is a near-surface damage that occurred during operation, e.g. erosion
of the surface (Initial). Similar to other repair techniques, the appropriate specimen
preparation consists of carving out the defect and conditioning the surface by means
of peening or sandblasting, as the complex surface topography, e.g. showing wear
and cracks, as well as the unclean surface in the damaged area can affect the quality
of the repair (Step I). The machined cavity is filled by means of CGS (Step II). The
specimen is then reworked to the original geometry, i.e. to remove surplus material
(Step III), in order to obtain a restored component for recommissioning (Result).
CGS is particularly suited for repair applications, since neither structural changes
nor oxidation occur during the deposition [20].
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Usually, for CGS the substrate surface is pre-treated by sandblasting for cleaning
and improved adhesion. In combination with the blasting effects of CGS, this leads
to compressive residual stresses (RS) in the near-surface region of the component
[3, 21–23]. This can be positive with regard to the mechanical integrity for coatings
that cover the entire surface as long as the compressive RS is not high enough for the
stress state to cause spallation of the coating. However, when filling confined cavities,
the influence must be investigated as compressive RS are accompanied by balancing
tensile RS in the surrounding area. Depending on the location, this can also have
a negative influence on the fatigue strength. A number of studies were performed
on CGS of Inconel 718 (IN718), especially with regard to a potential application
in aerospace components. Wong et al., for example, compared microstructural and
mechanical properties of 6mm thick IN718 coatings on Al-alloys for the as-sprayed
condition with different subsequent heat treatments and found very low ductility
in the as-sprayed condition. They observed improved tensile strength and ductil-
ity in heat-treated samples with the degree in improvement depending on the heat
treatment and hypothesised sintering effects during heat treatment that improved the
interconnection in the coating [24].

Singh et al. produced very dense IN718 coatings on IN718 substrates, usingNitro-
gen as process gas and investigated effects of surface roughness, stand-off distance,
and spray angle. They found a significant dependence of the deposition efficiency
and coating density on the surface roughness and spray angle. Especially for fine
grit blasted substrates and coating thickness, they observed coating peel-off [25]. In
a subsequent study, Singh et al. analysed the through-thickness RS distribution and
adhesion strength for different coating thicknesses of IN718 particles deposited on
IN718 substrates by means of CGS as a tool for aircraft engine component repair.
They found axisymmetric compressive RS increasing and adhesion strength decreas-
ing with increasing coating thickness and concluded that the adhesion strength is
influenced by the coating thickness as well as the RS state [22].

Vassen et al. studiedCGS IN718 coatingswith different thicknesses on IN718 sub-
strates. Their analyses revealed similar microstructure and axisymmetric RS depth
profiles for all investigated thicknesses as well as decreasing adhesion strength for
increasing thickness due to a higher energy release rate in thick coatings. A subse-
quent heat treatment leads to RS relaxation in the coating and an increase in adhesion
strength [23]. Fiebig et al. identified high compressive RS as a possible reason for
the coating thickness dependency of the adhesion strength [26].

In order to extend CGS to the repair of large defects, especially in IN718 compo-
nents used in turbine engines, the interaction of the repair site with the component
must be investigated. An important aspect is a good and, above all, complete bonding
of the repair to the substrate. To be able to evaluate the repair also in terms ofmechan-
ical integrity in use, the microstructure and RS are important. This applies not only to
the filling, but also especially to the interface and the component beyond. Considering
the intended application for the repair of aerospace components, which complicates
subsequent heat treatment, it should be investigated whether the properties of the
repair can already be controlled by suitable process parameters so that a condition is
achieved that is not susceptible to distortion and has adequate mechanical properties.
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To investigate the suitability of CGRS for the repair of defects with up to 4mm depth,
large tapered cavities were milled in IN718 specimens, which were then filled with
similar material by means of CGS using two sets of parameters. The bonding of the
CGS filling to the substrate was evaluated using microscopy techniques. The filled
process zone was characterised in terms of hardness distribution, microstructure, and
RS using neutron diffraction, as this is one of the few non-destructive methods for
in-depth stress analysis. The method allows the determination of residual stresses
in the filled process zone, at the interface, and also in the surrounding substrate. It
permits quantification not only of the compressive residual stresses in the CS filling,
but also of the compensating tensile residual stresses in the surrounding material in
the as-sprayed state, which are crucial for assessing the repair and distortion potential
during mechanical or thermal post-treatment.

Experimental

Sample Preparation

CGRS was performed on two cuboid samples made of Inconel 718 in a solu-
tion annealed state with a length LS =100mm, width WS = 50mm, and height
HS =12mm. The repair site was machined using an angular milling cutter tool
which allows for a tapered cavity. The cavity has a length of LC =50mm, a width of
WC =20mm, and a depth of DC =4mm. The angle of the tapered sidewalls is α =
60◦. Figure 3 illustrates the dimensions of the specimen geometry and the specimen
coordinate system. Tapered sidewalls were chosen to facilitate gas flow during CGS,
as pre-trials using perpendicular sidewalls showed insufficient bonding of the filling
to the substrate.

60°

A

20

100
4

50

3012

A

z
y
x z

y x

A A

Fig. 3 Technical drawing of the sample geometry with a specimen coordinate system. All dimen-
sions are given in mm
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Table 1 Normalised cold gas spray process parameters of the specimens

Sample designation Parameter I Parameter II

Normalised gas pressure p∗
gas 1.0 1.125

Normalised gas temperature
T ∗
gas

1.0 1.11

Fig. 4 Specimen in the
as-sprayed condition. The
image shows the sample
Parameter II, according to
Table1. The surplus material
is a result of the used
spraying trajectory

After preparation, the repair site was filled by means of CGS with particles of
the same chemical composition as IN718. The AE10718 powder from Oerlikon-
Metco, Troy, MI, USA, has a spherical morphology and a mean particle size of
D50 = 14µm. The IN718 powder particles are mixed with Al-rich Ni particles. This
corresponds to an ongoing patent application by Oerlikon-Metco Inc. to improve the
deposition of dense coatings [27]. More details about the powder are given in Vassen
et al. [25] and Singh et al. [23]. An Impact Gun 5/11 from Impact Innovations GmbH,
Rattenkirchen, Germany, was used as CGS systemwith Nitrogen as process gas. The
4 mm deep cavity is filled with 46 layers of a meander consisting of 20 line profiles
running along the length of the cavity. To adapt the temperature of the substrate
surface to the gas temperature and to reduce quenching RS, the sample surface is
conditioned by three pre-heating cycles. The spray angle was set to αspray = 90◦.
CGS of the samples was performed at the Forschungszentrum Jülich GmbH, Jülich,
Germany.

Two sample states were created using the CGS parameters in Table 1. This work is
focused on the RS distributions in the as-sprayed condition, so after the second step
(see Step 2 in Fig. 2) and before the original geometry is restored. Figure 4 shows an
image of the sample as it was investigated in the as-sprayed condition with surplus
material, before the original geometry is restored.

Metallographic Analyses

Metallographic examinations were performed to evaluate the capability of CGRS to
successfully fill comparatively large cavities of IN718 with similar material. To that
end, light optical microscopy (LOM) and scanning electron microscopy (SEM) as
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well as microhardness testing were performed on metallographically (ground and
polished) prepared cross sections (A-A reference in Fig. 3) in the centre of the speci-
mens for both parameters. The LOM imageswere taken using an invertedmicroscope
Axio Vert 200 MAT from Carl Zeiss Microscopy Deutschland GmbH, Oberkochen,
Germany. Images were taken at different magnifications. SEMmicrostructure obser-
vations were performed using a Zeiss LEO 1530, Carl Zeiss Microscopy Deutsch-
landGmbH,Oberkochen,Deutschland, in the back-scattered electron imaging (BSE)
mode with magnifications of up to 1000x . Vickers microhardness testing (HV 0.1)
was performed according to DIN EN ISO 6507-1 [28], using a Q10 A+ from ATM
Qness GmbH, Golling an der Salzach, Austria. A total of 1225 indentations were
arranged in a 12× 6mm2 grid, spanning from the centre of the cavity into the sur-
rounding substrate (c.f. A-A reference in Fig. 3). The distance between the indenta-
tions is �y = �z = 250µm.

Neutron Diffraction

Neutron diffraction analyseswere carried out at the SALSA instrument [29] at Institut
Laue Langevin, Grenoble, France, in the three principal directions x (longitudinal), y
(transversal), and z (normal) inferred from the sample geometry (c.f. Fig. 3) according
to Hutchings [30]. The data set is given in Gibmeier et al.[31]. A nominal gauge
volume of 4 × 0.6× 0.6mm3, defined by radial collimators (FWHM 0.6mm), at
the incident and diffracted beam paths was used. The gauge volume length of 4mm
is in the x-direction to improve the grain statistic, while assuming a homogeneous
condition in this direction. This also results in a reduced acquisition time, due to the
enlarged gauge volume. Figure 5 shows a schematic of the beam path. The displayed
sample setup corresponds to a measurement in the z-direction (normal). Using the
{422} reflection of a double-focusing bent Si-crystal monochromator, the wavelength
was set to λ ≈ 1.5Å resulting in 2θ0 ≈ 91◦ for the γ -Ni {311} reflection of IN718.
Triaxial RS distributions were mapped at 50 positions arranged in a 10 × 5 grid over
the mid-plane cross section of the filled cavity in the as-sprayed condition. The first
row of the grid is positioned 1.5 mm below the specimen surface, to ensure that the
gauge volume is entirely immersed into the material volume. The distance between
the measurement positions is �y = 2 mm and �z = 1 mm in y- and z-directions
(see A-A reference in Fig. 3), respectively. Additionally, d0 reference samples were
studied, using the same setup, to obtain the strain-free lattice parameter. The reference
samples consisted of 2 × 2× 4mm3 cuboids,whichwere electric dischargemachine
(EDM) wire cut from free-standing bar structures fabricated with the same coating
parameters as the tested samples, as well as a 2 × 2× 2mm3 cuboid, EDM wire cut
from the substrate material. Each d0 value was then used for the calculation of strains
in the respectivematerial volume.After background subtraction, the peakswere fitted
using aGaussian function. All data treatment was carried out in LAMP software [32].
RSwere calculated using the diffraction elastic constants shkl1 =1.523× 10−6 MPa−1
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Fig. 5 Instrument setup of
the SALSA instrument at the
Institut Laue-Langevin in
Grenoble, France. The
displayed sample setup
corresponds to a
measurement in the
z-direction (normal)

Area detector
Radial collimator

Sample
Measurement direction

Radial collimator

ShieldingNeutron beam

Si Monochromator

Diffracted Beam

Incident Beam

Beam Stop

and 1
2 s

hkl
2 =6.445× 10−6 MPa−1 according to Kröner [33] based on single crystal

coefficients given in Dye et al. [34].

Results and Discussion

Metallographic Analyses

Figure 6 shows BSE-SEM micrographs taken in the substrate and the filler material
in a reasonable distance from the interface for Parameter II (see A-A reference
in Fig. 3). In the filled process zone, a typical microstructure for IN718 particles
sprayed onto IN718 substrate is shown, as described in [25]. The repair fillings are
macroscopically homogeneous for Parameter I and Parameter II. The orientation
contrast allows for the identification of individual grains and even small angle grain
boundaries in the substrate (Fig. 6 red). In the filled process zone (Fig. 6 orange),
however, individual crystallites cannot be discerned by orientation contrast due to
the strong plastic deformation the particles experience during deposition. Only the
Al-rich Ni particles can be identified, as they appear darker due to the materials
contrast (Z-contrast) of the BSE-SEM image. Metallographic analyses showed that
there are no significant differences between Parameter I and Parameter II. To assess
the bonding of the filler material to the substrate, the interface was investigated
using conventional light optical and scanning electronmicroscopy at several different
magnifications. Figure 7 shows four micrographs taken along the interface at several
locations for different magnifications (see A-A reference in Fig. 3). The results show
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Fig. 6 Schematic
representation of the
specimen cross section (top)
and BSE-SEM micrographs
at a reasonable distance from
the interface showing the
microstructure of the
substrate (red frame) and the
filler material (orange frame)

20 µm

RepairSubstrate

20 µm

Al-rich Ni-Phase

good bonding of the filling to the surrounding substrate, even at locations critical for
the gas flow, like the tapered sidewall (Fig. 7 blue and green) or the interior interface
edge (see Fig. 7 yellow) where eddies could form and hinder deposition. The dark
grey, deformed particles visible in the filled process zone are Al-rich Ni particles
present in the powder. The triangle above the dashed blue line in Fig. 7 blue is surplus
material, deposited as a result of the used spraying trajectory and has to be removed
prior to recommissioning of the repaired component (c.f. section. “Experimental”).
The result shown in Fig. 7 is exemplary given for Parameter I, as the analyses have
shown that there are no significant differences between Parameter I and Parameter II.
In contrast to results from the literature, e.g. [22, 23, 26] that indicate decreasing
adhesion and even delamination for increasing coating thickness on flat surfaces, the
results suggest the suitability of CGRS to repair large cavities in IN718 components
with similar material.

Work Hardening

The contour plots in Fig. 8 show the normalised full width at halfmaximum (FWHM)
of neutron diffraction lines and the Vickers hardness distribution (HV 0.1) for Param-
eter I and Parameter II in Fig. 8 top and bottom, respectively. The cross hatched areas
represent the specimen. The dashed line represents the contour of the cavity (c.f. A-A
reference in Fig. 3). The black dots represent measurement positions. The FWHM
is normalised to the average FHWM value of the surrounding substrate material,
away from the interface, for visualisation purposes. The graphs on the left (Fig. 8
left) reveal strongly broadened peaks within the cavity, which can be attributed to
the strong plastic deformation (c.f. Fig. 6). The level of FWHM increase is similar
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Fig. 7 Schematic
representation of the
specimen cross section (top)
and BSE-SEM (mid) and
LOM (bottom) micrographs
taken at the cavity base
(purple frame), the interior
interface edge (yellow
frame), the tapered sidewall
(green frame), and the cavity
top edge (blue frame) at
different magnifications. The
dashed green line represents
the contour of the interface.
The dashed blue line
represents the original
geometry with surplus
material above the line
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for both samples and almost homogeneous with an average value of ≈ 3.95 ± 0.4
for Parameter I and ≈ 3.82 ± 0.66 for Parameter II within the filled cavity, which
suggests a homogeneous state throughout the repair zone. Figure6 right shows con-
tour plots of the respective Vickers hardness distribution (HV 0.1). The results show
similar hardness values of on average ≈ 510 ± 26 HV 0.1 in the filled process zone
and ≈ 237 ± 15 HV 0.1 in the surrounding substrate (c.f. A-A reference in Fig. 3).
The increase in hardness within the filled process zone is due to work hardening as a
result of strong plastic deformation. The powder particles used to fill the cavities by
CGRS do not contain precipitates. The hardness distribution for both cases is almost
homogeneous despite the small indentation size and the high spatial resolution, fur-
ther corroborating a homogeneous condition throughout the filled cavities.

Residual Stresses

The results of the neutron diffraction RS mapping are shown in Fig. 9 left and right
for Parameter I and Parameter II, respectively. The contour plots for the as-sprayed



IN718 Cold Gas Repair Spray of Large Cavities . . . 749

-12 -10 -8 -6 -4 -2 0
-6
-5
-4
-3
-2
-1
0

Position x / mm

Po
si

tio
n 

y 
/ m

m

2 4 6 8 10 12

200 250 300 350 400 450 500 550
Vickers Hardness / HV 0.1

1.0 1.5 2.0 2.5 3.0 3.5 4.0 4.5
Normalised FWHM / -

Pa
ra

m
et

er
 II

Pa
ra

m
et

er
 I

-12 -10 -8 -6 -4 -2 0
-6
-5
-4
-3
-2
-1
0

Po
si

tio
n 

y 
/ m

m

2 4 6 8 10 12
Position x / mm

Fig. 8 Results for Parameter I (top) and Parameter II (bottom): Contour graphs of the normalised
FWHM (left) and Vickers microhardness mapping (right). The cross hatched areas represent the
specimen. The dashed line represents the contour of the cavity. The black dots represent measure-
ment locations

state show compressive RS throughout the cavity and balancing tensile RS in the
substrate near the interface (c.f. A-A reference in Fig. 3), indicated by the dashed
grey line. The cross hatched areas denote the sample outside of the mapping grid.
The black dots represent measurement locations. The results show that the highest
compressive RS for both parameters are in the y-direction (σmax ≈ 400 MPa for
Parameter I and σmax ≈ 350 MPa for Parameter II). In contrast to the results for thin
coatings on planar surfaces in, e.g. [22, 23], the RS are direction dependent with
lower compressive RS in x-direction. This might be attributed to stronger geometric
constraints in the y-direction, i.e. the length of the cavity Lc compared to the width
Wc, which could result in different temperature gradients in each direction. Although
the RS distributions for both samples appear qualitatively similar, the compressive
RS level in x , y, and z-direction is lower throughout the cavity for Parameter II (Fig. 9
right) when compared to Parameter I (Fig. 9 left). This may be traced back to the
larger heat input in the sample repaired with Parameter II, as the gas temperature is
higher (c.f. Table1) and could be beneficial for the distortion behaviour with regard
to amechanical refurbishing and/or thermal post-treatment. The balancing tensile RS
in x as well as in y-direction are similar at≈300MPa for Parameter I and Parameter II
(Fig. 9 top and mid). The results in z-direction for both parameters (Fig. 9 bottom)
show RS levels close to zero in comparison to the other directions as well as a less
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Fig. 9 Results of the triaxial residual stress mapping for Parameter I (left) and Parameter II (right).
Contour graphs of the RS distribution in x-direction (top), y-direction (mid), and z-direction (bot-
tom). The cross hatched areas represent the specimen. The dashed line represents the contour of
the cavity. The black dots represent measurement positions

uniform distribution. This might be due to the small magnitude of strains in this
direction and increased diffraction line widths that complicate the determination of
an exact peak position. Further uncertainties in RS analyses by neutron diffraction
experiments could be related to coarse grains in combination with the rather small
gauge volume and the complexity in the determination of strain-free lattice parameter
d0. The error in stress analysis is comparable in all three directions and accumulates to
σ err
substrate ≈ ±2 MPa and σ err

filling ≈ ±54 MPa in the substrate and filling, respectively.
It can however be observed that in contrast to hardness and microstructure the RS in
repair fillings can be well adjusted by the appropriate choice of spraying parameters.

Conclusion

RS analyses and metallographic investigations were carried out on flat IN718 spec-
imens, containing 4 mm deep tapered cavities filled with IN718-type particles by
means of CGRS. The main conclusions based on these analyses can be summarised
as follows:

• CGRS is a suitable thermal spray process to fill large cavities in IN718 components
with a depth of Dc = 4 mm with similar material for two combinations of process
temperature and pressure (Parameter I and Parameter II).

• The connection of the filler to the surface of the large tapered cavity is good. Espe-
cially in flow-mechanically difficult areas, neither delamination nor poor quality
of the bond could be observed in the investigated cross section. The CGS filling
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shows a plastically deformed, uniform microstructure throughout the cavity. This
is corroborated by an almost homogeneous FWHM increase as well as a uniform
hardness distribution higher that the substrate material due to the work hardening
induced through CGS.

• Using neutron diffraction characterisation in the filled process zone and the sur-
rounding substrate, we found compressive RS throughout the filling and balancing
tensile RS in the substrate near the interface of the as-sprayed condition. Contrary
to results for thin flat coatings, the RS are direction dependent as a result of geo-
metric constraints. The RS level introduced by CGRS can be adjusted through
the appropriate choice of spraying parameters while maintaining almost identical
metallographic results. In particular, higher gas temperature and pressure lead to
fewer RS in the investigated volume, which could prove to be beneficial regarding
the distortion of the component.
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Design of Graded Transition Interlayer
for Joining Inconel 740H Superalloy
with P91 Steel Using Wire-Arc Additive
Manufacturing

Soumya Sridar, Xin Wang, Mitra Shabani, Michael A. Klecka,
and Wei Xiong

Abstract In this work, two graded transition interlayers were designed using a
CALPHAD-based ICME framework (CALPHAD: Calculation of Phase Diagrams;
ICME: Integrated Computational Materials Engineering) for joining Inconel 740H
superalloy with P91 steel. Successful builds with the designed interlayers (content
of P91 steel are 60 and 85 wt.%) sandwiched between the constituent materials were
fabricated using wire-arc additive manufacturing. 60% P91 interlayer exhibited an
FCC structure with low hardness, while the 85% P91 interlayer had a martensitic
structure with high hardness. A two-step post-heat treatment consisting of homoge-
nization at 1150°C and aging at 760°C was designed. 60% P91 interlayer showed no
improvement in hardness after aging. It agrees with the CALPHAD modeling that
predicts a lack of effective strengthening precipitates at 760°C, whereas the hard-
ness of 85% P91 increased significantly after aging for 8 h due to the precipitation
of the M23C6 phase. Mechanical tests equipped with digital image correlation were
performed to determine the location of the failure and tensile properties. As-built
and heat treated 60% P91 build failed in the graded alloy block, whereas the as-built
85% P91 alloy failed at the 85% P91/740H interface, and the aged alloy failed in
the pure P91 region. This proves that post-heat treated 85% P91 is much stronger
than pure P91, and the alloy design strategy used in this work proves successful for
developing interlayers for dissimilar joining.
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Introduction

In advanced ultra-supercritical (A-USC) powerplant, high operating temperatures
(>700°C) and pressures (35 MPa) demands the use of materials with superior creep
and oxidation resistance. This led to the development of Inconel 740H superalloy
(referred to as 740H hereafter) with a high amount of Cr and Co to attain excellent
creep and oxidation properties till 850°C [1], which is expensive. However, there
are several regions that operate below 650°C, where the use of 740H superalloys is
not required, whereas ferritic-martensitic P91 steel with good creep resistance till
650°C [2] and cheaper than 740H superalloy will be sufficient. The use of different
materials in different regions of an A-USC powerplant necessitates the joining of
dissimilar materials.

Dissimilar materials can be joined using traditional techniques such as welding
[3, 4], brazing [5], or diffusion bonding [6]. In these processes, there are several
disadvantages from a process viewpoint, such as long processing time, high produc-
tion cost, and complex setup with multiple steps involved [7]. From a microstruc-
ture standpoint, porosity, crack formation, as well as structural distortion due to the
formation of wider heat affected zone (HAZ), are the major drawbacks. In order
to overcome these difficulties, additive manufacturing (AM) has become the most
sought-after technique to accomplish the joining of dissimilar materials. In an AM
process, the component is built layer-by-layer using 3D CAD models [8]. Hence, it
has advantages such as freedom to produce complex parts, reducedmaterial wastage,
and high efficiency [9].

Several reports are available for multi-material deposition using directed energy
deposition (DED)-based systems such as laser engineered net shaping (LENS) using
powder as starting material [10–13]. Wire-arc additive manufacturing (WAAM) is
another DED-based technique that uses wire as starting material which is melted and
deposited using an electric/plasma arc. The high deposition rates in WAAM make
it suitable for fabricating large parts that are valuable for real-time applications.
Besides, the cost of powders is 2–5 times higher than wire and hence, the materials
costs are much lesser for the WAAM process [14]. Owing to these advantages, the
WAAM technique will be an appropriate technique for multi-material manufacturing
and few reports are available in the literature for using WAAM to join dissimilar
aluminum alloys [15, 16], dissimilar steels [17] as well as stainless steel with Ni-base
superalloy [18].

Dissimilar joining can be accomplished either by direct bonding of the mate-
rials or by introducing an interlayer that leads to a smooth change in composition
and properties between the constituent materials. The P91 steel has a martensitic
structure, while the 740H superalloy has an γ matrix with FCC structure. Moreover,
there is a drastic difference in the coefficient of thermal properties of P91 steel and
740H superalloy. As reported in our previous work [19], when P91 steel was directly
bonded over 740H superalloy, cracks formed in the interfacial region and the thermal
residual stresses developed due to the differences in thermal properties were relieved
by the crack formation. Therefore, the introduction of an interlayer is imperative
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to avoid cracking while joining P91 steel with 740H superalloy, and an appropriate
interlayer that can ensure a gradual transition between the constituentmaterials needs
to be identified.

In this work, a CALPHAD-based ICME framework (CALPHAD: Calculation
of Phase Diagrams; ICME: Integrated Computational Materials Engineering) has
been applied to design potential graded alloy compositions that can act as an inter-
layer between P91 steel and 740H superalloy. Builds with the designed graded alloy
interlayer sandwiched between the constituent materials were successfully fabri-
cated using WAAM. The microstructure and mechanical properties of the WAAM
builds have been investigated extensively and a suitable post-heat treatment has
been designed to remove microstructure inhomogeneities and induce precipitation
to improve the properties. This work will prove useful for identifying the graded
alloy compositions that can be suitably used as transition interlayers while joining
dissimilar materials using any manufacturing technique.

Materials and Methods

Computational Details

In order to identify the compositions that can potentially act as an interlayer, high-
throughput thermodynamic calculations were performed using TC-API (Thermo-
Calc Application Programming Interface) toolkit known as TC-Python (based on
the Python programming language) which is included with the Thermo-Calc soft-
ware. The content of P91 for the graded alloys was calculated in wt.% and will be
expressed as%, hereafter. The fraction of phases at 760°C for different mixtures (101
entries) of P91 steel and 740H superalloy whose compositions were determined by
calculating the weighted mean for each element for varying content of P91 steel (in
steps of 1%) were calculated. TCNI8, the commercial multicomponent thermody-
namic database developed specifically for Ni-base superalloys was used for these
calculations. In addition, theMartensite start (Ms) temperatures were determined for
these compositions using predictive machine learning models developed by Agrawal
et al. [20] for the determination of Ms temperature.

WAAM Processing

The composition (in wt.%) as quantified by the manufacturers for the P91 steel
(ER90S-B91, manufactured by Euroweld, Mooresville, NC, USA) and the 740H
superalloy (Special Metals Welding Products Co., Newton, NC, USA) wires that
were used for fabricating the graded alloy builds using WAAM are listed in Table
1. The nominal composition of the designed interlayers, namely, 60 and 85% P91
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graded alloys determined using the computing theweighted average for each element,
is also listed in the same table. The diameter of the P91 steel and 740H superalloy
wires were 0.9 and 1 mm, respectively. The builds were fabricated using a robotic
WAAM system (ABB robotic platform) in Raytheon Technologies Research Center
(RTRC). The system consists of a six-axis robot connected to the twin-wire feeder
as well as a plasma arc welding (PAW) torch and the material was deposited over
a 12 mm thick mild steel substrate. Purified argon gas was employed for creating
the plasma and also used as a shielding gas for the PAW torch with a flow rate of
1.1 L/min to avoid oxidation during deposition. A square wave pattern with a raster
pattern width of 11 mm and step-over of 3 mm was used for depositing each layer
(Fig. 1) with a constant deposition rate of 0.9 kg/hr. The distance from the torch to
the deposition surface and the wire feeding angle were maintained at 15 mm and
30°, respectively.

The printing parameters used for each layer are listed in Table 2. The printing
parameters were chosen based on design of experiments for deposition of the
constituent materials. Several conditions were tested with various travel speeds,
wire feeds, and power, until a stable melt pool was achieved. An average voltage
of 20.9 V was maintained during the deposition. The layer height was set as 2 mm
for the deposition of P91 steel layers while 1.8 mm for the 740H superalloy. A layer
height of ~1.5 mm was maintained for the deposition of the graded alloy. A higher
current and lower travel speed as well as wire feed rate were used for the first and

Table 1 Composition (in wt.%) of the P91 and 740H wires used for deposition in the WAAM
process and the nominal composition (in wt.%) of 60 and 85% P91 alloy

Material Composition (wt.%)

Al C Co Cr Cu Fe Mn Mo Nb Ni Ti Si V

P91 0.003 0.09 – 9.2 0.03 Bal. 0.45 0.91 0.052 0.4 – 0.26 0.21

740H 1.4 0.03 20.3 24.6 0.02 0.2 0.24 0.5 1.49 Bal 1.5 0.1 –

60%
P91

0.56 0.066 8.12 15.4 0.026 53.1 0.37 0.75 0.63 20.1 0.6 0.2 0.13

85%
P91

0.21 0.081 3.05 11.5 0.03 75.2 0.42 0.85 0.27 7.8 0.23 0.24 0.18

Fig. 1 Schematic of the tool
path used for the fabrication
of graded alloy builds using
WAAM
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Table 2 Processing parameters for the fabrication of 60 and 85% P91 graded alloy builds using
WAAM

Layer no. Average current (A) Travel speed (mm/s) Wire feed (m/min) Material

60% P91 graded build

Layer 29–44 166 5 2.44 740H

Layer 13–28 166 5 1.88 P91
0.97 740H

60% P91

Layer 3–12 166 5 3.10 P91

Layer 2 200 4 2.90 P91

Layer 1 220 3.5 2.90 P91

85% P91 graded build

Layer 29–44 166 5 2.44 740H

Layer 13–28 166 5 2.67 P91
0.37 740H

85% P91

Layer 3–12 166 5 3.10 P91

Layer 2 200 4 2.90 P91

Layer 1 220 3.5 2.90 P91

second layers of P91 steel to ensure good adhesion with the mild steel substrate.
The diameter of the P91 steel and 740H superalloy wires, along with their material
densities, were used to calculate the relative weight percentage and resulting wire
feed values to achieve the desired blends for the graded alloy blocks. The interpass
temperature was fixed as 175°C during the deposition. The interpass time for each
layer was not fixed and instead it was dictated by the time taken for the sample to
cool below 175°C.

Experimental Details

The builds were sectioned along the build (Z) direction, i.e., the XZ plane of the
build using electric discharge machining (EDM, Mitsubishi MV2400S, Japan). The
sections were ground from 800 to 1200 grit SiC emery papers followed by polishing
using suspensions of diamond with particle sizes of 3 and 1 μm as well as colloidal
silica with a particle size of 0.04 μm. The as-polished surface was viewed under FEI
Scios Dual Beam focused ion beam (FIB)—scanning electron microscope (SEM)
attached with a field emission gun (FEG) source. The elemental composition was
determined using an energy dispersive spectroscope (EDS,Octane Elite EDS system)
attached to the SEM.Detailed phase and grain structure analysiswas performed using
electron backscattered diffraction (EBSD, EDAX Hickory EBSD system) attached
to the SEM, and the data was analyzed further using TSL-OIM software (version 8).

Hardness measurements were carried out using an automated Vicker’s micro-
hardness tester (AMH55 with LM310AT Microindenter, LECO Corporation, USA)
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with a load of 300 g and dwell time of 10 s. Around 400 indentations were made
along the build direction (Z direction) to determine the hardness distribution. Flat
dog bone-shaped tensile bars (gauge length = 25 mm, total length = 66 mm, width
= 5 mm, and thickness = 4 mm) were extracted from the XZ plane of the sample
such that both the interfaces are included within the gauge section. Uniaxial tensile
tests were carried out with a strain rate of 10–3 s−1 using MTS 880 universal testing
machine with 100 kN capacity. The strain was measured using non-contact digital
image correlation (DIC, VIC-2D 7, Correlated Solutions Inc., USA), in order the
identify the failure location. The spatial distribution of strains in the gauge section
was captured using DIC. The strain was averaged over the complete gauge section
and extracted for plotting the stress–strain curves.

Results and Discussion

Computational Design and WAAM Processing

The phase fractions at 760°C predicted usingCALPHADmethod and theMs temper-
atures estimated using machine learning model as a function of the P91 steel content
are shown in Fig. 2a and b, respectively. The thermodynamic calculations were
performed at 760°C since it is the optimized aging temperature for P91steel and
740H superalloy fabricated using WAAM, based on our previous works [21, 22].
According to the thermodynamic predictions, the matrix phase will have the FCC
structure from 0 to 90% P91 and the BCC phase will start to form after 90% P91.
Amongst the secondary phases, MX (M: Ti, Nb; X: C) is predicted to form in all the
compositions, whereas M23C6 forms only between 83 and 100% P91. Since 740H
is a γ′ strengthened superalloy, it appears between 0 and 50% P91 and it is accom-
panied by σ phase formation from 8 to 45% P91. However, the formation of σ phase
is not expected due to the slow diffusion kinetics involved.

The predicted Ms temperature shows a linear trend as a function of P91 content
with a small discontinuity close to 60%P91 (Fig. 2b). Twograded alloy compositions,
namely, 60 and 85% P91 were identified to test their potential to act as an interlayer
between P91 steel and 740H superalloy. Both these compositions are expected to
have an FCC matrix structure. However, the calculated Ms temperature of 85% P91
is close to 250°C thus, martensite is expected to form during the cooling process.
Since theMs temperature for the 60%P91 graded alloy is less than room temperature
(~15°C), an FCC matrix is expected to form for this composition. In addition, based
on the thermodynamic predictions, 85% P91 alloy is expected to be strengthened by
the formation of M23C6 precipitates along with the MX phase while the 60% P91
graded alloy will not have any of the major strengthening precipitates except the MX
phase.

The graded alloy builds with the designed interlayer composition block sand-
wiched between the P91 steel and 740H superalloy are shown in Figs. 2c and 2d.
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Fig. 2 a Phase fraction and bMs temperatures predicted as a function of P91 content. Successful
crack-free builds fabricated using WAAM for c 60% P91 and d 85% P91 graded alloys

The builds were 100mm long, 10mmwide, and the total height of the build including
the substrate was 87 mm. Different regions of the build were identified based on the
differences in the melt pool size as seen from the lateral sides of the build. These
builds were intended to be deposited for a total ideal height of nearly 77 mm from the
substrate with an ideal height of 24, 24, and 28.8 mm for P91 steel, graded alloy, and
740H superalloy, respectively. The measured heights of each block were ~21 mm
for P91 steel, 24 mm for 60 and 85% P91 graded alloys, and ~29 mm for the 740H
superalloy with a total height close to 74 mm which is very close to the ideal height
of the build. Since the first two layers of P91 steel were mixed completely with the
substrate for good adhesion, the height of the P91 steel block was slightly smaller
than the ideal height. Hence, the interpass temperature (175°C) used for depositing
these builds has been effective in reducing the dilution between the layers.

The composition of the 60 and 85% P91 graded alloy builds along the build
direction of the samplemeasured usingEDS is shown in Fig. 3a and b. It was observed
that the measured composition of the graded alloy interlayer is close to the nominal
composition listed in Table 1. This proves that WAAM is a robust AM technique to
deposit a graded alloy using the twin-wire feeder. Moreover, it can be clearly seen
that Fe and Ni concentration spikes downward throughout the graded alloy and 740H
superalloy regions along with a simultaneous increase in the composition ofMo, Nb,
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or Ti. Further EDSmapping confirms the presence of secondary phases in the graded
alloy blocks as shown in Fig. 3c and d. From Fig. 3(c1–c4) it is evident that the bright
phase with irregular structure is rich in Nb, Mo, and Ti, which corresponds to the
Laves phase. Figures 3(d1–d3) shows that the dark square-shaped phase has a high
content of Ti and a moderate amount of Nb which can be correlated with the MC
carbide.

The inverse pole figure (IPF) and phase maps obtained using EBSD for the 60 and
85% P91 alloys are shown in Fig. 4. From the phase maps shown in Fig. 4b and d, it
can be found that the 60% P91 graded alloy has a matrix with FCC structure while
the 85% P91 alloy has a martensitic structure. This proves that the Ms temperature
prediction matches well with the experimental observation for the designed graded
alloys. Moreover, a coarse-grained microstructure with no particular texture was
observed in the 60% P91 graded alloy, as shown in Fig. 4a, which could be possibly
due to the multiple heating and cooling cycles underwent during the deposition. In
the 85% P91 graded alloy (Fig. 4b), a clear partition was observed, where one side

Fig. 3 Composition profile along the build direction determined using EDS for a 60 and b 85%
P91 graded alloy blocks. Compositions profiles for c1–c4 Laves phase and d1–d3 MC carbide
obtained using area EDS mapping showing that the Laves phase is rich in Mo, Nb, and Ti while the
MC carbide is rich in Ti and Nb, respectively
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Fig. 4 IPF and phasemaps obtained using EBSD for a,b 60%and c,d 85%P91 graded alloy blocks
showing a coarse-grained FCC structure for the 60% P91 alloy and a fine martensitic structure for
the 85% P91 alloy

had grains mostly oriented between (111) and (001) planes (blue, pink, and orange
grains, refer to IPF color map) while the other side had grains oriented mostly close
to (101) plane (green grains, refer to IPF color map). Hence, the partition between
these two types of grains signifies the presence of a prior austenite grain boundary.

The hardness maps obtained along the build direction in the XZ plane of the
graded alloys builds are shown in Fig. 5. The hardness of 60% P91 graded alloy is
very low in comparison with the pure P91 steel and 740H superalloy. On the other
hand, the hardness is predominantly uniform along the build direction for the 85%
P91 alloy and the average hardness is higher than the corresponding value for the
60% P91 graded alloy. The striking difference between the hardness of 60 and 85%
P91-graded alloys can be attributed to the microstructure of the matrix phase in these
alloys. The 60% P91 alloy consists of an FCC phase structure which is generally
softer than the martensitic matrix found in the 85% P91 alloy. The 60% P91 alloy has
coarse grains, whereas the 85% P91 alloy has a fine martensitic structure (Fig. 4). In
addition to the hardness of the graded alloy blocks, there were other weak and strong
regions that could be observed from the hardness maps. In the 60% P91 graded alloy
build (Fig. 5a), the P91 steel close to the interface between P91 steel and 60% P91
alloy is much higher in comparison with the same material away from the interface.
Similarly, a region of low hardness was identified at the interface between 85% P91
alloy and 740H superalloy, as seen in Fig. 5b.

In order to probe into the reason for the formation of harder P91 steel close to the
60% P91 alloy and a weak region between 85% P91and 740H superalloy, further
microstructure analysis was performed using EBSD and the IPF and phase maps
from these regions are shown in Fig. 6. The IPF and phase maps from the interface
between P91 steel and 60% P91 alloy show that the martensite in the P91 steel region
is very fine (Fig. 6a and b) in comparison with the P91 steel farther away from the
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Fig. 5 Hardness maps obtained along the build direction in the XZ plane of a 60% and b 85% P91
graded alloy. The length and width of the hardness maps are 40 and 11 mm, respectively. The color
bar corresponds to the hardness in HV0.3

interface where the martensite grains are coarser as it can be seen from Fig. 6c and
d. The difference in the grain structure of the P91 steel, near and away from the
interface can be attributed to the cyclic re-austenitization of the martensite. When
the first few layers of 60% P91 alloy are deposited over the previously deposited
P91 steel, the temperature of the P91 steel close to the interface increases to the
extent that the martensite can undergo re-austenitization followed by cooling to
form refined martensite. It has been demonstrated in our previous work [23] that
cyclic re-austenitization in steels can lead to refinement of martensite with increase
in hardness. From the IPF and phase maps obtained from the interface between 85%
P91 alloy and 740H superalloy (Fig. 6e and f), a band of two-phase region consisting
of martensite from 85% P91 alloy and γ phase from 740H superalloy is clearly
visible. Hence, the region with low hardness at the interface between 85% P91 alloy
and 740H superalloy can be attributed to the difference in the matrix phase structure
of the two alloys leading to the formation of a mixture of martensite and γ phases.
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Fig. 6 IPF and phase maps obtained using EBSD at a, b interface between P91 steel and 60% P91
graded alloy, c, d P91 steel farther away from the interface between P91 steel and 60% P91 graded
alloy and e, f interface between 85% P91 graded alloy and 740H superalloy

Design of Post-heat Treatment and Mechanical Testing

A two-step post-heat treatment comprising of homogenization and agingwas adopted
where the homogenization step will dissolve the secondary phases and relieve the
residual stresses, whereas the aging step will induce the precipitation of the strength-
ening phases. The calculated phase fractions as a function of temperature for the 60
and 85% P91 graded alloy composition listed in Table 1 are shown in Fig. 7. The
homogenization temperature was identified as 1150°C since all the secondary phases
except MX will dissolve at this temperature based on the predicted phase fractions.
The homogenization time was chosen to be 1 h because a longer time period can
lead to grain growth at high temperatures. Hence, the homogenization for the graded
alloy builds was performed at 1150°C for 1 h followed by water quenching.

The aging temperature of 760°C was found to be suitable because at that temper-
ature the fraction of MX in 60% P91 alloy and the fractions of M23C6 as well as MX
phases in 85% P91 alloy were found to be maximum based on the thermodynamic
predictions. In addition, 760°C was identified as the optimum aging temperature for
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Fig. 7 Fraction of phases as a function of temperature predicted using thermodynamic calculations
for a 60% and b 85% P91 graded alloys

P91 steel [21] and 740H superalloy [22] and moreover, different aging temperatures
cannot be used for a multi-material build, as mentioned previously. In order to iden-
tify the optimum aging time, the samples were subjected to aging heat treatment
after homogenization for different times at 760°C followed by air cooling. The time
durations for aging were identified as 2, 4, 8, and 12 h because the optimum aging
time for P91 steel [21] and 740H superalloy [22] are 2 and 12 h, respectively. Two
time periods were chosen in between (4 and 8 h) in order to identify the optimal
condition.

In order to identify the optimum aging time, the peak hardness needs to be deter-
mined. The hardnessmaps obtained for different aging times at 760°C for 60 and 85%
P91 graded alloy builds are shown in Figs. 8 and 9, respectively. The hardness maps
for aged 60% P91 builds showed no improvement in hardness after aging (Fig. 8).
This observation agreeswell with theCALPHADcalculationswhich predicted a lack
of strengthening precipitates at 760°C. This proves that there is a good correlation
between the CALPHAD predictions and experimental observations. On the contrary,
the hardness of the 85% P91 graded alloy sample improved significantly after aging
as shown in Fig. 9. The width of the soft zone, which is a mixture of martensite
and γ phases (Fig. 6f), was found to be unchanged after 2 h of aging while reduced
slightly after aging for 4 h. After aging for 8 and 12 h, the soft zone width reduced
considerably showing that a longer aging time is required to allow the diffusion.
However, as the aging time is increased, the pure P91 steel becomes weaker with
low hardness since it has reached an overaged condition. Thus, the optimum aging
time was identified as 8 h at 760°C to attain reduced width of the soft zone without
lowering the hardness of pure P91 steel extensively.

The stress–strain curves and the tensile properties obtained after mechanical
testing equipped with DIC are shown in Fig. 10 and Table 3, respectively. No signifi-
cant improvement was observed in the yield strength and ultimate tensile strength of
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Fig. 8 Hardness maps for 60% P91 graded alloy after aging at 760°C for different durations. The
length and width of the hardness maps are 50 and 4 mm, respectively. The color bar corresponds to
the hardness in HV0.3

the heat treated 60% P91 graded alloy builds. However, the ductility of the as-built
alloy is higher than the heat treated 60% P91 graded alloy possibly due to the precipi-
tation of the fine and brittleMCcarbides during agingwhich can act as crack initiation
sites. On the other hand, there is a considerable improvement in the yield strength
and ductility of 85% P91 graded alloy build after post-heat treatment (Table 3). The
precipitation of M23C6 precipitates could have contributed to the strengthening of
the graded alloy and hence, enhanced tensile properties has been achieved.

In addition, DIC was used to calculate the strains during the mechanical testing to
identify the region where the necking starts. The locations of failure (region enclosed
by a white rectangle) identified from screenshots of the strain map are shown in
Fig. 11. The 60%P91 graded alloy failed in the graded alloy block in as-built and heat
treated conditions since the strength did not improvewith the application of post-heat
treatment (Fig. 11a and b). However, the location of failure changed with application
of post-heat treatment for the 85% P91 graded alloy. In the as-built condition, the
sample failed at the interface between the 85% P91 alloy and 740H superalloy as
shown in Fig. 11(c) since the hardness in this region was low due to the presence
of a two-phase region with martensite and γ phases. After post-heat treatment, the
location of failure shifted to the pure P91 block (Fig. 11(d)). The failure in the pure
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Fig. 9 Hardness maps for 85% P91 graded alloy after aging at 760°C for different durations. The
length and width of the hardness maps are 50 and 4 mm, respectively. The color bar corresponds to
the hardness in HV0.3

P91 region is inevitable since it would have reached an overaged condition as the
optimum aging time for this material is 2 h [21]. Therefore, the designed post-heat
treatment for the 85% P91 graded alloy has strengthened the material to achieve
improved mechanical performance.

Conclusions

ACALPHAD-based ICME framework has been employed to design the composition
of the graded alloy that can potentially act as an interlayer between P91 steel and
740H superalloy. The designed compositions were fabricated using WAAM along
with microstructure characterization and mechanical property testing. The salient
outcomes from the present study can be summarized as follows.

• Guided by the high-throughput calculations, the bimetallic alloy builds with 60
and 85%P91 as interlayers were fabricated successfully with desired composition
and reduced dilution using WAAM.
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Fig. 10 Stress–Strain curves obtained using mechanical testing equipped with DIC for 60 and 85%
P91 graded alloys builds in as-built and heat treated conditions

Table 3 Tensile properties and failure locations for 60 and 85%P91 builds fabricated usingWAAM
in different conditions (2 sampleswere tested for each condition to determine the standard deviation)

Material Condition Yield strength
(MPa)

Ultimate tensile
strength (MPa)

Elongation (%) Location of
failure

60% P91 As-built 219 ± 2 459 ± 11 32.5 ± 9.9 60% P91 block

Heat treated 212 ± 2 440 ± 14 21.2 ± 3.1 60% P91 block

85% P91 As-built 419 ± 5 665 ± 18 6.5 ± 1.2 Interface
between 85%
P91 and 740H
blocks

Heat treated 538 ± 22 667 ± 6 13.2 ± 0.1 P91 block

• The matrix of 60% P91 alloy had a coarse-grained FCC structure, while the 85%
P91 alloy comprises a fine-grained martensitic matrix and secondary phases such
as the Laves phase and MC carbides. There is a good correlation between the
predicted phases and the observed microstructure in the WAAM builds.

• The hardness of 60% P91 graded alloy is much lower than the 85% P91 alloy.
Moreover, the interface between the 85% P91 alloy and 740H superalloy is low
due to the presence of a two-phase mixture of martensite and γ phases, while the
fine martensitic structure of the P91 steel close to the interface between P91 steel
and 60% P91 alloy increased its hardness.
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Fig. 11 Location of failure
identified using the DIC
strain maps for a, b 60% and
c, d 85% P91 graded alloy
builds in as-built and heat
treated conditions. The color
bar corresponds to the strain
in %

• 60%P91 graded alloy showed no improvement in the hardness even after applying
the post-heat treatment due to lack of effective strengthening precipitates, while
85% P91 graded alloy showed considerable improvement in the hardness after
aging with an optimum aging time of 8 h.

• The location of failure for the 60% P91 graded alloy remained within the graded
alloy block in as-built and heat treated conditions whereas the as-built 85% P91
graded alloy build failed at the interface between the intermediate block and 740H
superalloy interface and it shifted to the pure P91 after the post-heat treatment.

• This work demonstrated that the CALPHAD-based ICME design frame is essen-
tial for the successful bimetallic printing using the WAAM combined with
post-heat treatment.
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Microstructure Evolution During
Post-heat Treatment of Haynes 282 Alloy
Processed by Wire-Arc Additive
Manufacturing

Luis Fernando Ladinos Pizano, Soumya Sridar, Chantal Sudbrack,
and Wei Xiong

Abstract Post-heat treatment optimization is imperative to improve the mechan-
ical properties of superalloys prepared by additive manufacturing. In this work, the
effect of solution treatment on the microstructural heterogeneity and γ′ precipitation
of Haynes 282 fabricated by wire-arc additive manufacturing (WAAM) has been
investigated. The results suggest that the standard solution treatment carried out at
1150 °C for 2 h is insufficient to remove the grain texture developed during WAAM.
Instead, a heat treatment at 1250 °C for 2 h facilitates homogenization and recrys-
tallization without causing excessive coarsening. Furthermore, solution treatment
temperature affects the kinetics of γ′ precipitate growth. By increasing the solution
heat treatment temperature from 1150 to 1250 °C, strengthening γ′ precipitates grow
faster, achieving the peak hardness earlier.Moreover, the increase in solution temper-
ature favors the development of a bimodal distribution of γ′ precipitates during aging.
This work demonstrates the need for an effective post-heat treatment to eliminate
the heterogeneities that are formed during the WAAM process and alter the γ′ size
distribution to improve the mechanical performance of Haynes 282 alloy.

Keywords Haynes 282 · Additive manufacturing · CALPHAD · Precipitation
behavior · Strengthening mechanism

Introduction

The global energy demand has driven the development of more efficient and ecolog-
ical power plants. An impactful way to increase thermal efficiency and reduce plant
pollution is to increase the operating temperature and pressure of industrial gas
turbines used for power generation. However, the turbine operating conditions are
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limited by the mechanical properties of the key structural components, promoting
the design of materials with excellent mechanical performance at high temperatures
(>760 °C).

Haynes 282 is a precipitation-strengthened nickel-base superalloywith high creep
strength along with excellent tensile and fatigue behavior at 760 °C, which has target
use in advanced ultra-super-critical (A-USC) turbines [1]. Moreover, Haynes 282
shows good fabricability and weldability as the volume fraction of the reinforcing
phase (γ′) is relatively low (19%) compared to other commercial nickel-base super-
alloys. However, a low γ′ content in general negatively impacts mechanical prop-
erties. To compensate for the low volume fraction of γ′, Haynes 282 incorporates a
generous amount of Mo, improving mechanical performance through solid solution
strengthening [2]. Likewise,γ′ precipitates and a distribution ofmicron-sizedMCand
M23C6 carbides significantly improve themechanical behavior of Haynes 282.While
γ′ improves both tensile properties and creep resistance, MC and M23C6 carbides
stabilize the grain structure at high temperatures, favoring creep resistance [3].

The microstructure and mechanical performance of Haynes 282 are optimized
by applying a post-heat treatment comprising of solution heat treatment and aging
steps. The standard heat treatment developed byHaynes International Inc. consists of
a solution treatment above the solvus temperature of γ′ and M23C6 carbides, carried
out between 1121 °C and 1149 °C. Subsequently, two aging heat treatments at 1010
and 788 °C are recommended to precipitate M23C6 carbides and γ′, respectively
[4]. The traditional manufacturing processes for Haynes 282 are forging and casting.
However, the product forms are limited by the hardness of the material and the ability
to create hollow structures such as cooling ducts. Due to the geometric freedom
offered by additive manufacturing (AM) and the excellent weldability of Haynes
282, the trend to process Haynes 282 by AM has increased in recent years.

AMis a computer-aidedmanufacturing technique capable of producing3Dobjects
from the addition of material layer-by-layer. The versatility of this methodology
facilitates the production of customizable components with complex geometries and
final finishes.Wire arc additivemanufacturing (WAAM) is a direct energy deposition
(DED) technique used in the fabrication and repair of metal components with wire as
startingmaterial. The solidification process alongwith the heating and cooling cycles
associated with WAAM introduces microstructural variation compared to samples
produced by conventional techniques. Therefore, studying the effect of WAAM
process conditions and post-heat treatments on the microstructure and mechanical
properties is imperative.

Recently, it has been shown that additively manufactured Haynes 282 can match
or even exceed the mechanical properties of wrought alloy by modifying the post-
heat treatment conditions. Ramakrishnan and Dinda [5] reported that Haynes 282
fabricated by powder-based direct lasermetal deposition is able to achieve an ultimate
tensile strength of 1200 MPa and ductility of 18% after application of single-step
aging heat treatment at 788 °C for 16 h. However, most of the works reported up to
now [6] are dedicated exclusively to optimizing the characteristics of γ′ precipitates
and mechanical properties without considering the heterogeneity associated with the
columnar grain structure.
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This work focuses on the design of post-heat treatments capable of minimizing
grain structure heterogeneity and maximizing the mechanical strength through γ′
precipitation in Haynes 282 fabricated using WAAM. The effect of solution heat
treatment temperature on grain structure and γ′ precipitation during subsequent aging
heat treatments has been extensively studied. By elucidating the relationship between
solution heat treatment and second aging heat treatment, this paper provides guidance
for the design of consecutive post-heat treatments for Haynes 282.

Materials and Methods

Experimental Details

The Haynes 282 sample was fabricated on a stainless steel 304 substrate using the
WAAM system GEFERTEC ARC 605 equipped with a Fronius TPS 400i PULSE
power source. The diameter of the wire used as feedstock in the WAAM process
was 1 mm and its chemical composition as provided by the supplier, Haynes inter-
national, USA, is listed in Table 1. The distance from the torch to the substrate
was maintained at 14 mm, while the torch travel speed and wire feed rate were
950 mm/min and 6.5 m/min, respectively. An average voltage of 24 V was supplied
to the system, producing a current of 140 A. To prevent oxidation of the sample
during the manufacturing process, Cronigon Ni10 (mixture of 70% Ar and 30% He)
was used as torch shielding gas at a rate of 20 L/min. Furthermore, the scanning
strategy consisted of a single bead pattern as shown in Fig. 1. In order to improve
the mechanical performance of Haynes 282 samples, the effect of different post-
heat treatments on the microstructure and hardness was evaluated. The details of the
conditions studied are summarized in Table 2. The heat treatments were performed
in a box furnace. To avoid oxidation, the samples were encapsulated in quartz tubes
under vacuum and backfilled with Argon.

Microstructure characterization was carried out in the XZ plane along the build
direction of the sample as shown in Fig. 1c. Themetallographic preparation consisted
of a grinding process with SiC abrasive paper followed by a polishing using suspen-
sions of diamond and silica up to a particle size of 0.05 μm. The etchant used to
reveal the γ′ phasewas chromic acid (H2CrO4). The characteristics of the precipitates
and the grain structure were studied with the scanning electron microscope (SEM,
FEI Apreo) operated at 20 kV and equipped with an energy dispersive spectroscope
(EDS, EDAXElite 150) and electron backscatter diffraction (EBSD) detector. Subse-
quently, the γ′ size distribution was calculated by analyzing SEM micrographs with

Table 1 Composition (wt. %) of the Haynes 282 wire used for fabrication of the wall build

Elements Al B C Co Cr Fe Mn Mo Ni Si Ti

Composition (wt. %) 1.5 0.005 0.06 10 20 1.5 0.3 8.5 55.8 0.15 2.1
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Fig. 1 The thickwall build
of WAAM Haynes 282
investigated here in a XZ
side view and b YZ side
view with c a schematic of
the scanning strategy
followed during WAAM
printing with Z indicating the
build direction

Table 2 Conditions and
identifications (ID) for all
samples studies in this work.
After every heat treatment the
samples were water quenched

Sample ID Solution heat
treatment

First aging Second aging

As-built

ST1150 1150 °C/2 h

1150-FA X 1010 °C/2 h

1150-FA-SA2h X X 788 °C/2 h

1150-FA-SA4h X X 788 °C/4 h

1150-FA-SA6h X X 788 °C/6 h

1150-FA-SA8h X X 788 °C/8 h

ST1250 1250 °C/2 h

1250-FA X 1010 °C/2 h

1250-FA-SA2h X X 788 °C/2 h

1250-FA-SA4h X X 788 °C/4 h

1250-FA-SA6h X X 788 °C/6 h

1250-FA-SA8h X X 788 °C/8 h

ImageJ software. Microhardness was measured using the LM800-LECO durometer
and aVicker pyramidal indenter. The load anddwell timewere 0.3 kg and10 s, respec-
tively. The average Vickers hardness (HV0.3) was determined from 35 indentations
separated by 150 μm using 0.3 kg load.
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Computational Details

The phase fractions as a function of temperature along with the Scheil solidification
diagram and the variation in chemical composition of MC and M23C6 carbides as a
function of temperature were predicted using Thermo-Calc software. To perform
these thermodynamic calculations, the TCNI11 database developed for Ni-base
superalloys together with the chemical composition listed in Table 1 were used.

Results and Discussion

Effect of WAAM Process Conditions on Microstructure

The cooling rate (around 100 °C/s [7]) and the thermal cycles associated with the
WAAM process determine the initial microstructures of Haynes 282. SEM images
and EDS maps of the secondary phases found in the as-built condition together with
the Haynes 282 Scheil solidification diagram are presented in Fig. 2. Ti- andMo-rich
MC primary carbides with irregular morphologies and a size range between 0.30 and
0.45 μm were located in interdendritic regions and Ti-rich nitrides were identified
within the γ dendrite core. However, γ′ precipitates were not observed throughout
the build.

According to Ojo et al. [8], the solidification process begins with the formation
of γ dendrites. As the γ dendrites grow, elements with partition coefficients less than

Fig. 2 a SEM image of the as-built sample in XZ plane. The dark gray continuous phase repre-
sents the γ matrix while the black and light gray precipitates are identified as TiN and (Ti, Mo)C
carbides, respectively. Energy dispersive X-ray spectroscopy (EDS) elemental maps, revealing that
MC carbides are rich in b Ti and cMo. d Scheil solidification diagram of Haynes 282, showing the
formation of (Ti, Mo)C carbides during the non-equilibrium solidification process
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1 such as Ti, Mo, and C begin to segregate into the interdendritic liquid. The liquid
continues to be enriched in MC carbides-forming elements until the composition
exceeds the maximum solubility of the γ matrix, causing the formation of the non-
invariant eutectic γ/MC. This reaction practically consumes the C content of the alloy
and is defined as L ↔ γ + MC. Subsequently, the interdendritic liquid continues to
enrich with γ′-forming alloying elements such as Ti and Al, causing the formation of
the eutectic γ/γ′. These reactions explain the presence of (Ti, Mo)C carbides located
in interdendritic regions. However, the solidification rates associated with WAAM
process prevent the precipitation of γ′. According to the Scheil solidification diagram
in Fig. 2d, γ dendrite formation starts at 1360 °C, while the precipitation of γ/MC
eutectic takes place at 1260 °C. To decrease the segregation of alloying elements
and, therefore, increase the degree of supersaturation in the γ matrix, solution heat
treatment followed by water quenching is recommended.

Microstructural Evolution During Solution Heat Treatments

The standard solution heat treatment for wrought Haynes 282 is intended to dissolve
secondary phases and reduce residual stresses. However, the solution heat treatment
for Haynes 282 fabricated using WAAM should additionally recrystallize the grain
structure. The distribution and morphology of the precipitates found in samples
ST1150 and ST1250 can be observed from the SEM micrographs shown in Fig. 3.
Figure 3a and d shows thatMC carbides and their distribution along the interdendritic
regions persist after solution heat treatments, which is expected since MC carbides
typically have good stability at 1150 °C. However, as the temperature increases, the
γ matrix is able to dissolve more alloying elements, causing the size and volume
fraction of the MC carbides to decrease in the ST1250 sample.

On the other hand, Fig. 3d and e indicates that the morphology of theMC carbides
changes from irregular to blocky as the solution temperature rises from 1150 to
1250 °C and that the dissolution of alloying elements causes the dendritic subgrains to
disappear above 1150 °C. Likewise, the MC carbides located at the grain boundaries
completely disappeared in the ST1250 sample as shown in Fig. 3f. In general, the
dissolution of secondary phases is attributed to the diffusion of atoms across the
precipitate/matrix interface into the matrix. The reports by Cieslak et al. [9] and Cao
et al. [10] suggest that the dissolution of MC carbides in nickel-based superalloys
occurs between 1230 and 1290 °C. These observations explain the presence of MC
carbides in the ST1150 and ST1250 samples.

Figure 4 presents the Haynes 282 phase fraction diagram together with the varia-
tion in the composition of (Ti, Mo)C carbides as a function of temperature obtained
using Thermo-Calc. The diagram in Fig. 4a shows that the fraction of MC carbides
decreases from 0.0033 to 0.0013 between 1150 and 1250 °C, which agrees with the
experimental observationsmade fromFig. 3a and d. Likewise, thermodynamic calcu-
lations indicate that MC carbides can completely dissolve into the matrix at 1270 °C
as suggested by Cieslak et al. [9] and Cao et al. [10]. Figure 4b shows that Ti and Mo
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Fig. 3 Distribution and morphology of (Ti, Mo)C carbides as a function of solution temperature,
dotted arrows highlight the columnar distribution of precipitates. Distribution of (Ti, Mo)C carbides
of a ST1150 and b ST1250 samples. Carbides with irregular and cubic morphology after solution
heat treatment at c 1150 °C and d 1250 °C, respectively, and e, f MC carbides located at grain
boundaries

are the main constituents of MC carbides, which is consistent with the EDS maps
presented in Fig. 2b and c. Furthermore, the solubility of Ti in the carbides reduce as
the temperature increases, while the solubility ofMo increases with temperature. The
dissolution of (Ti, Mo)C carbides and the reduction of Ti solubility in the remaining
carbides at high temperatures increase the degree of supersaturation of the γ matrix
in the ST1250 sample, which can improve the precipitation kinetics in the subsequent
aging steps.

Figure 5 shows the inverse pole figure (IPF) maps of the as-built, ST1150, and
ST1250 samples. According to the IPF maps, the grain structure of the as-built
and ST1150 conditions consist of a columnar grain structure, while the ST1250
sample exhibits equiaxed grains and some twin boundaries. Although the directional
solidification process of AM tends to introduce texture to the material, the as-built
samples did not present strong texture.

The grain morphology is governed by the local direction of heat flow and compet-
itive grain growth during solidification. Wei et al. [11] showed that the grains of
nickel-base alloys with FCC matrix grow preferentially when the direction of easy
growth <100> is aligned parallel to the direction of maximum heat flux. Wei et al.
[12] also suggest that the direction of maximum heat flux in AM is perpendicular
to the edge of the molten pool towards the substrate, promoting the formation of
columnar structures as observed in the as-built sample.

On the other hand, the epitaxial nucleation and the competitive grain growth define
the crystallographic orientation of the grains. According to Li and Tan [13], if the first
layer is made up of columnar grains at the base and a large area of equiaxed grains at
the top, the subsequent layer will be unable to completely remelt the equiaxed area,
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Fig. 4 a The phase fraction diagram for Haynes 282 calculated by Thermo-Calc software using
TCNI11 database shows that (Ti, Mo)C carbides dissolve in the γ matrix as the temperature
increases. b The temperature-dependent composition diagram of (Ti, Mo)C carbides indicates that
the solubility of Ti in MC carbides decreases with temperature

Fig. 5 Inverse pole figure (IPF) maps of the a as-built, b ST1150, and c ST1250 conditions in XZ
plane using the FCC γ matrix for indexing

causing new columnar grains to grow epitaxially on equiaxed grains. Consequently,
the new columnar grains will adopt the random crystallographic orientations of the
equiaxed grains that act as the substrate.As this process introduces new ‘competitors,’
competitive growth is unable to filter out the most favorable orientations, resulting
in a material with no strong texture such as the as-built Haynes 282 sample. As
Christofidou et al. [14] and Shaikh et al. [15] reported, the temperature of standard
solution heat treatment is not sufficient to recrystallize the grain structure of Haynes
282 processed byAM.However, the results suggest that the heat treatment at 1250 °C
for 2 h allowed the sample to completely recrystallize, decreasing the heterogeneity
of the grain structure.

Residual stresses and grain size have a significant effect on the mechanical perfor-
mance of alloys. In general, grain coarsening and residual tensile stresses decrease
the mechanical properties. The contribution of the microstructural characteristics on
the alloy strength can be carried out through the hardness test. The microhardness
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Fig. 6 The microhardness
and grain size of Haynes 282
as a function of solution
treatment temperature
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and grain size of the as-built, ST1150, and ST1250 samples, are shown in Fig. 6.
The profiles in this figure indicate that as the solution temperature increases, the
microhardness drops and the grain size increases, reaching a value of 205 HV0.3 and
457 μm, respectively.

Thermal cycles intrinsic to additive manufacturing cause the material to expand
and contract at different rates, increasing the residual stresses and therefore the hard-
ness of the as-built samples. On the other hand, the softening of samples ST1150 and
ST1250 is attributed to temperature-assisted recovery andgrain coarseningprocesses.
The combined effect of grain growth and relaxation of residual stresses causes the
hardness of the ST1150 sample to decrease by 64 HV0.3 compared to the as-built
sample. However, even though the grain size increases continuously, the hardness
of the ST1250 sample decreases by only 8 HV0.3 compared to the ST1150 sample.
Therefore, the relief of residual stresses is the main cause of the drop in hardness.
Similar results have been reported in several works available in the literature [16,
17]. These results suggest that solution heat treatments above 1150 °C are sufficient
to relieve the residual stresses developed during the AM process.

Precipitation of M23C6 Carbides Throughout the First Aging

To increase the thermal stability of the grains at high temperatures and thus, the creep
resistance, Haynes 282 is aged at 1010 °C for 2 h. This heat treatment is aimed at
the formation of Cr- and Mo-rich M23C6 carbides at the grain boundaries. Figure 7
shows an SEM micrograph, EDS maps, and the temperature-dependent chemical
composition plot calculated using Thermo-Calc for (Cr, Mo)23C6 carbides found in
1150-FA and 1250-FA samples. Figure 7a indicates that (Cr, Mo)23C6 carbides tend
to distribute over grain boundaries, whereas Fig. 7b and c proves that Cr and Mo
are the main constituents of this phase, which is corroborated by the computational
prediction shown in Fig. 7d.
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Fig. 7 a Representative SEM micrograph of microstructure of the 1150 + FA and 1250 + FA
samples, EDSmaps of bMo and cCr and d the evolution of the chemical composition of theM23C6
carbides as a function of temperature, indicating the presence of Cr and Mo in these precipitates

Unlike the MC-type primary carbides that precipitate during the solidification
process in interdendritic regions from the liquid phase due to the segregation of
alloying elements, the M23C6-type secondary carbides precipitate from the γ matrix.
However, due to the high interfacial energy involved in the formation of the γ/M23C6

interface, the M23C6 carbides grow preferentially on the grain boundaries. The work
carried out by El-Bagoury [18] suggests that the M23C6 carbides precipitate due to
the decomposition of the primary MC carbides at high temperatures or the presence
of remaining carbon in the matrix. The reaction between the MC carbides and the
matrix results in the formation of M23C6 carbides and γ′ (MC + γ → M23C6 + γ′),
or in some cases, it results in the precipitation of M6C carbides and γ′ (MC + γ

→ M6C + γ′). According to Adelajda et al. [19], taking into account the chemical
composition of Haynes 282, the previous reactions are described as

(Ti, Mo)C + (Ni, Cr, Al, Ti) → Cr21Mo2C6 + Ni3(Al, Ti)

(Ti, Mo)C + (Ni, Co, Al, Ti) → Mo3(Ni, Co)3C + Ni3(Al, Ti)

On the other hand, Lvov et al. [20] suggest that these reactions are dominated by
the diffusion of carbon from the MC carbide to the matrix and the diffusion of
Ni, Cr, and Co in the opposite direction. Since the first aging temperature is above
the γ′ solvus temperature (997 °C), γ′ phase does not precipitate, and the hardness
does not increase significantly after this heat treatment. The hardness of samples
1150-FA and 1250-FA increases around 20 HV0.3 compared to samples ST1150 and
ST1250, respectively. Therefore, a second aging heat treatment is required to induce
γ′ precipitation and improve the mechanical properties.
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Effect of Solution Temperature on γ ′ Phase Precipitation
During Second Aging

The precipitation of γ′ prevents the movement of dislocations through the material,
improving the mechanical strength of Haynes 282. However, the improper selection
of the aging treatment parameters negatively affects the mechanical behavior of the
alloy. High aging temperatures lead to low degrees of undercooling and supersatura-
tion of the γmatrix, hindering the nucleation process, while low temperatures prevent
diffusion of the essential alloying elements and therefore γ′ growth. Likewise, long
aging times cause over-aging of γ′ precipitates. Therefore, the design of second aging
conditions is crucial. According to Kruger [21], the volume fraction and diameter of
γ′ in the fully aged condition of Haynes 282 are about 19% and 20 nm, respectively.
On the other hand, Shin et al. [3] showed that solution treatment conditions have a
profound effect on γ′ precipitation, suggesting that the temperature and time of the
second aging should be optimized based on the conditions of the previous solution
heat treatment.

The morphology and size distribution of the γ′ phase as a function of solution
temperature and second aging time are seen in the SEMmicrographs and histograms
shown in Figs. 8 and 9, respectively. The SEM micrographs show that the spherical
morphologyofγ′ remains invariant regardless of solution temperature and aging time,
which can be attributed to the 0.2% lattice mismatch between γ and γ′ phases [22].
The histograms indicate thatγ′ size increaseswith the second aging time regardless of
the solution temperature. These results are expected since the growth of the γ′ phase
is controlled by diffusion, therefore, the γ′ size is proportional to the aging time and
temperature. However, the γ′ size increases faster in the samples that were exposed to
1250 °C during the previous solution heat treatment, which is more evident at 2 and
4 h of aging. Likewise, 1250-FA-SA6h and 1250-FA-SA8h samples show a bimodal
distribution of the γ′ phase. While the smallest (d1) and largest (d2) diameters of
γ′ phase in sample 1250-FA-SA6h are 25 and 53 nm, the particle sizes of sample
1250-FA-SA8h are 30 and 61 nm, respectively.

The difference in γ′ size between samples 1150-FA-SAxh and 1250-FA-SAxh can
be explained by the precipitation kinetics. According to Mao [23], the volumetric
fraction of γ′ increases with the degree of supersaturation of the matrix prior to the
aging heat treatment, facilitating the subsequent coarsening process. As discussed
above, MC carbides are partially dissolved during solution treatment at 1250 °C,
increasing the degree of supersaturation of the matrix. As a result, the γ′ nucleation
and growth kinetics in the 1250-FA-SAxh samples are faster compared to the 1150-
FA-SAxh samples, causing the γ′ size of the 1250-FA-SAxh samples to be larger.

On the other hand, γ′ can be divided into three different types: primary γ′, cooling
γ′, and aging γ′, which refer to precipitates remaining from previous sub-solvus
heat treatments, precipitates formed during quenching, and γ′ particles that form
from the aging heat treatment, respectively. Jian [23] showed that γ′ can precipitate
during the cooling step of solution heat treatment if the cooling rate is low enough
below the solvus temperature of γ′ phase (997 °C). Therefore, low cooling rates
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Fig. 8 The precipitation of γ′ during second aging heat treatment carried out at 788 °C for x =
2, 4, 6, and 8 h for samples a 1150-FA-SAxh and b 1250-FA-SAxh. The average γ′ diameter is
indicated below the metallography of each sample

Fig. 9 The histograms of the γ′ size distribution for a 1150-FA and b 1250-FA samples with
different aging heat treatment conditions

and high degrees of matrix supersaturation contribute to the formation of cooling
γ′. These observations suggest that although the 1150-FA-SAhx and 1250-FA-SAhx
samples were quenched in the same way, the high degree of matrix supersaturation
in the 1250-FA-SAhx samples contributes to the formation of cooling γ′ after first-
aging heat treatment, leading to a bimodal distribution of γ′ precipitates after the
second aging heat treatment. The bimodal distribution is clearer in samples 1250-
FA-SA6h and 1250-FA-SA8h since the coarsening of γ′ highlights the difference in
size between cooling γ′ and aging γ′.
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The mechanical behavior of Haynes 282 is mainly controlled by the size distri-
bution and volume fraction of γ′. If the precipitates are significantly smaller than
the length of the dislocation line, the dislocations tend to overcome the precipitate
by shearing. On the other hand, if the material is overaged, the dislocations pass the
precipitates by looping, resulting in a drop in mechanical strength [24].

Hardness evaluation can be used as a rapid screening mechanism to measure
the effect of γ′ on the mechanical strength of materials. Figure 10 shows the hard-
ness of 1150-FA-SAxh and 1250-FA-SAxh samples, highlighting the contribution
of aging heat treatments. In general, it is observed that the hardness of 1150-FA-
SAxh samples (Fig. 10a) are higher than the corresponding 1250-FA-SAxh samples
(Fig. 10b).According to these results, high solution heat treatment temperature favors
the softening of the material. On the other hand, the precipitation of M23C6 carbides
during the first aging has a similar effect on hardness regardless of the previous
solution treatment condition.

Furthermore, the maximum hardness of the 1150-FA-SAxh samples (390 HV0.3)
is reached after 8 h of aging at 788 °C when the γ′ diameter is 28 nm, while the
peak hardness of the 1250-FA-SAxh samples (374 HV0.3) is observed at 6 h when
the γ′ diameter is 25 nm. The degree of supersaturation of the matrix after the solu-
tion heat treatment at 1250 °C causes the peak hardness and the overaged state of
the ST1250-FA-SAxh samples to be reached faster compared to the 1150-FA-SAxh
samples, resulting in the drop in hardness of 1250-FA-SA8h sample. Adelajda et al.
[19] reported that the hardness of forged Haynes 282 after standard two-step aging
heat treatment is 373 HV0.3, showing that the hardness of Haynes 282 samples manu-
factured by WAAM are comparable. Interestingly, the contribution of γ′ precipitates
to the hardness of samples 1150-FA-SA2h and 1250-FA-SA2h is similar despite the
difference in particle size being 7.32 nm. However, as the size of the γ′ increases, the
changes in hardness become more significant. Samples 1150-FA-SA4h and 1250-
FA-SA4h indicate that a 4.81 nm change in γ′ size produces a hardness variation
of 16 HV0.3. The results of this work demonstrate that to maximize the hardness

Fig. 10 The effect of heat treatments on the microhardness of Haynes 282 samples heat treated at
a 1150 and b 1250 °C
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of Haynes 282, the second aging heat treatment must be optimized based on the
conditions of the previous solution heat treatment.

Conclusions

This work is focused on evaluating the effect of different heat treatments on the
microstructure and hardness of Haynes 282 deposited using WAAM. The important
outcomes of this investigation are as follows.

• The redistribution of alloying elements during the WAAM process allowed the
precipitation ofMC (M=Ti andMo) carbides in interdendritic regions. However,
the high cooling rate during solidification suppressed the precipitation of γ′ phase
and M23C6 carbides.

• Solution treatment at 1150 °C eliminated the segregation of alloying elements
in interdendritic regions, dissolving the dendritic subgrains observed in the as-
built sample. However, the temperature was insufficient to dissolve the primary
(Ti, Mo)C carbides. Nevertheless, the volume fraction of (Ti, Mo)C carbides
decreased, and the grain structure recrystallized only with solution heat treatment
at 1250 °C.

• The first aging heat treatment carried out at 1010 °C promoted the formation
of (Cr, Mo)23C6 secondary carbides at grain boundaries without affecting (Ti,
Mo)C carbide distribution. The temperature of the solution heat treatment had no
noticeable effect on the contribution of the M23C6 carbides to hardness.

• The solution heat treatment temperature has an important effect on the precipita-
tion kinetics of the γ′ phase. The degree of supersaturation of the matrix increases
with the solution treatment temperature, enhancing the γ′ growth rate. Like-
wise, samples exposed to 1250 °C during solution treatment show a bimodal
γ′ distribution.

• The hardness profiles show that the peak hardness associated with the γ′ precipita-
tion during the second aging was reached faster as the temperature of the previous
solution treatment increases. The samples with solution treatment at 1150 °C
reached theirmaximumvalue at 8 hwhile the samples exposed to 1250 °C reached
the peak hardness at 6 h of the second aging heat treatment.

• The mechanical properties should be determined as future work to comprehen-
sively understand the impact of solution treatments on the structure–property
relationship.
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Characterization of the Anisotropic
Behaviour of Inconel 718 Parts
Manufactured by Wire Arc Additive
Manufacturing

Karin Hartl, Christopher Wallis, Pier Paolo Curti, Martin Bielik,
and Martin Stockinger

Abstract The usage of additive manufacturing as a process for component produc-
tion is becoming increasingly important, as it offers enormous potential for material
savings and therefore cost reduction. In particular, Wire Arc AdditiveManufacturing
(WAAM) processes are arousing a great deal of interest in several industries by its
high deposition rates at low equipment acquisition costs and the low buy-to-fly ratio.
This process is being specifically investigated for aerospace and space applications,
as it allows the production of large structural complex near-net-shape components in
small batches. However, a major drawback of this technology is the high anisotropic
behaviour of the manufactured structures in the as-welded state. Since the Ni–Fe
alloy Inconel 718 is an anisotropic material, in which introduced textures strongly
influence the mechanical properties, the impact of the WAAM processing route on
the mechanical properties as well as the underlying microstructure is specifically
focused on in this study. Using a plasma arc as heat source and Inconel 718 wire
as feedstock material, test walls are produced in order to characterize the created
material. In addition to the identification of factors influencing the process, temper-
ature cycles are measured at different positions during the build-up. The resulting
microstructure is subsequently evaluated macroscopically as well as microscopi-
cally and examined regarding pores and precipitates. SEM/EDS analysis is carried
out to investigate the underlying microstructure of the additively manufactured parts.
Furthermore, mechanical properties are evaluated in the build-up direction as well
as transversal to this direction in order to characterize the anisotropy of the material.
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Introduction

Over the past few years, additive manufacturing (AM) has been an innovative and
promising area of component production that is increasingly attracting the interest
of industry and research. The associated possibility of producing near-net shape
components in small batches with a minimum amount of scrap material caused by
subtractive manufacturing processing routes is becoming progressively important,
in particular for cost-intensive materials [1–4]. While powder-bed processes initially
dominated the research field of AM, increasing variations of wire-based AM routes
are emerging. A high material efficiency, up to 100%, can be reached for wire-
based methods even though the complexity and surface quality of the produced parts
decrease [1]. Especially the Wire Arc Additive Manufacturing (WAAM) method,
which is characterized by high deposition rates and thus an enormous reduction of
production time compared to powder-bed processes, is attracting increased interest
for the production of large components [5–7]. WAAM uses focused thermal energy
to fuse material by melting while it is deposited. The thermal energy for WAAM
can be applied in various types like a laser beam, electron beam, or (plasma) arc.
Since the material is deposited locally and only where it is necessary, a near-net
shape part is created. A subsequent machining process (e.g. milling) removes just
a small amount of material to receive the final part, thus achieving a low buy-to-fly
ratio (BTF). The BTF is a useful indicator of the efficiency of a process in terms
of material consumption. It describes the mass ratio of the raw material’s weight
needed for manufacturing a component and the final part’s weight [2]. Especially for
high cost materials like titanium and its alloys a high BTF up to 12-25:1 is common
for traditional processes while AM-process routes can reduce the ratio to 3-12:1, as
reported by Liu and Shin [8].

In this study a plasma transferred arc energy source in combinationwithmetalwire
feeding is used at RHP Technology GmbH, which is called PlasmaMetal Deposition
(PMD®). The PMD® system is built up in a M3DP facility by SBI GmbH and
equipped with a building platform of 0.6 × 2.0 m and allows the manufacturing of
large metallic structures made of titanium alloys, steels, aluminium alloys, Ni–Fe
superalloys as well as special materials like Invar or magnesium alloys. To protect the
material from oxidation, the airtight process chamber can be flushed with protective
gas (e.g. argon with the purity of 99.999%). Figure 1 depicts the plasma torch and
the wire feeders (on the left) where the wire is introduced into the plasma plume.
Here, the wire melts and fuses to the material beneath.

In this way, components can be manufactured from high-strength materials that
exhibit comparably good or even improved mechanical properties.

However, this requires precise control of the influencing parameters of the process.
The most important variables influencing the process are the voltage and current, the
protective gas in use, the nozzle distance, the wire feed speed (WFS) as well as the
nozzle travel speed (TS). The build-up can also vary in terms of the welding strategy
such as unidirectional, bidirectional, or oscillating while an external temperature
supply (e.g., heat mat) can be used to reduce process-related residual stress evolution.
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Fig. 1 Plasma torch and
wire feeder (Courtesy SBI
GmbH)

These factors are influencing the cooling time, which is of major importance for
microstructure, residual stresses/warping, and mechanical properties. With regard to
the deposited material, the main influencing factors are the wire diameter, the cast
and helix, and the surface, while in addition, there is the possibility to use a filled
wire. Depending on the parameters applied and the heat conduction potential of the
material selected, variations in wall width and layer thickness are obtained.

Taking all these aspects into account, a large number of varying parameter sets can
be found,where certain variations can have a significant influence on the properties of
the resulting component. Additionally, the certification of the pre-material as well as
the built component regarding microstructure and mechanical properties is difficult.
Therefore, the use of such manufactured components is still limited [9–11].

Furthermore, anisotropies of the mechanical properties are likely to occur parallel
and perpendicular to the build-up direction in such processes. Due to the continuous
heat input in the underlying layers during the application of further welding layers,
the underlying microstructure is constantly changing. In order to gain an insight into
the behavior of an additively manufactured component, thin walled samples were
made of the Ni–Fe alloy Inconel 718 using the PMD® process. During the build-
up process of the test coupons, the temperature development in certain layers was
measured at different locations. The components produced in this way were then
analyzed in terms of microstructure and the mechanical properties, both horizontally
and vertically according to the extraction position.

Material and Methods

For this investigation, Inconel 718 in form of a wire with a diameter of 1.2 mm
by Deutsche Nickel GmbH and voestalpine High Performance Metals International
GmbH was used as feedstock material. To avoid interference between the substrate
and thewelding layers, Inconel 718was selected as substrate plates (20mm× 10mm
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Table 1 Chemical composition of Inconel 718 in [wt.-%] according to AMS 5662

Ni Fe Cr Nb Mo Ti Al Co

[wt.-%] 50–55 bal 17–21 4.75–5.50 2.80–3.30 0.65–1.15 0.20–0.80 1

× 1 mm). In the current research the focus was set on the additive material, thus, no
further investigations were performed on the substrate material.

Inconel 718 is one of the most well-known and widely used Ni–Fe alloys, due
to its excellent mechanical and thermal stability as well as its outstanding corrosion
resistance. The chemical composition of the alloy is shown in Table 1.

Themain contributors to the thermal andmechanical stability are, on the one hand,
the face-centered cubic γ matrix up to the melting point, and various intermetallic
precipitates. The most significant precipitations are γ′ with a composition of Ni3(Al,
Ti) (L12 ordered fcc structure) and the γ′′-phase with a composition of Ni3Nb (D022
ordered bct structure). Those mentioned phases usually precipitate in the range of
600–900 °C. The δ-phase, which is the stable form of γ′′ (Ni3Nb with orthorhombic
D0a structure) precipitates at temperatures above 700 °C with the highest precipita-
tion rate around 900 °C and it dissolves at approximately 1000 °C, depending on the
Niobium content of the alloy and material’s previous history [12–14]. Since the δ

and γ′′ phases have the same composition, the precipitation of the δ-phase is accom-
panied by a decline in the γ′′ fraction. As a consequence, the strength is negatively
affected, since the precipitation hardening effect is dominated by γ′′ [13, 15, 16]. On
the other hand, the grain boundary pinning effect of the δ-phase is beneficial to limit
grain growth. Especially in welding processes, a brittle intermetallic Laves phase
often occurs. This phase is formed by a high Nb diffusion during solidification and
preferably consists of elements with a high atomic diameter. Its occurrence can have
enormously negative effects on the mechanical properties of the welded material
[17, 18].

Test walls were set up in both bidirectional and oscillating strategies using the
PMD® process. For the bidirectional test walls, the setup shown in Fig. 2 was used to
record temperature data. For this purpose, several thermocouples were placed both in
the substrate plate and in the built structure at different heights. The thermocouples
were inserted into the still mushy material at the appropriate layer height.

Based on these measurements, the temperature development can be traced
according to time and position. For this arrangement, walls consisting of about 60
layers were built up bidirectionally, which exhibit a wall thickness of approx. 5 mm
and a height of approx. 80 mm. In addition, further walls were built up using this
welding strategy to a height of approx. 130 mm, in order to create horizontal and
vertical flat tensile specimens. Those walls, which were welded with an oscillating
welding strategy, were used due to their larger wall thickness (~20 mm) for the
extraction of round tensile and Charpy specimens in horizontal as well as in vertical
direction.

The walls were manufactured with a constant power input. The voltage was kept
consistent at 28 V, while the current varied depending on the part’s height. In the
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Fig. 2 a Setup for temperature measurements and b resulting test wall

first layers, a higher energy input (higher current) is required because the substrate is
absorbing heat. With increasing height, the substrate’s absorbing influence becomes
less prominent; therefore, the current is reduced. Furthermore, the travel speed of
the nozzle head is increased to reduce heat input and avoid overheating of the weld
seam. The main welding parameters are listed in Table 2. In particular, the applied
current (I), the travel speed (TS) are of great importance in this context. Thewire feed
speed (WFS) is slightly increased with increasing build-up height. Before the actual
application of the first layer, the substrate platewas preheated twice (PH) to guarantee
a good connection of welded material to the substrate. This was accomplished by
moving the nozzle head twice over the subsequent build-up area without depositing
material.

Due to the material’s low tendency to oxidation, the manufacturing process was
performed with local shielding gas (Argon) in an atmospheric condition.

Table 2 Parameters of the
PMD® process used for the
test walls

Layer I [A] TS [mm/min] WFS [m/min]

PH 140 200 0

First layers 140 160 1.5

Middle layers 120–130 200–240 1.5

Last layers 100–110 280–300 2.0
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Results

Temperature Development

For the temperature data generation during the build-up process, those bidirectional
applied walls were used, which consist of 60 layers.

The temperature data recorded by two thermocouples are compared to provide
a representative overview. The first thermocouple is placed in layer 14, at a height
of about 22 mm from the underlying substrate plate. The second thermocouple is
inserted at a height of 38 mm, corresponding to layer 25. The resulting temperature
curves of the two thermocouples can be seen in Fig. 3. The measurement data clearly
shows the process-related thermal influence by the subsequent layers, causing a
cyclic thermal heat treatment. The first thermocouple T1 represents the temperature
developmentmore precisely thanT2. The reason is found in the imprecise positioning
of the thermocouple T2, which can occur when putting to the thermocouple in the
mushy material. When it is positioned too close to the wall’s lateral surface, it can
get exposed to the plasma plume, causing a melting of the thermocouple (no signal)
or an undetectability of the maximum temperature (cut-off of temperature peaks, as
it is the case here). However, the thermal cyclic behavior still can be observed in T2,
which corresponds to the data received from thermocouple T1.

Fig. 3 Temperature development during the construction of the test walls
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According to the data obtained, heating rates of up to 320 K/s and cooling rates
of 20 °C/s can be observed when depositing an additional layer. This results in
peak temperatures of 1500 °C. During this process, the δ-solvus temperature, here
specified at 1025 °C according to Chenna Krishna et al. [19], is cyclically exceeded
and undershot several times in a very short time. Whether cyclic dissolution and re-
precipitation of the δ phase actually occurs in this process depends on the underlying
kinetics, since the times exceeding the δ-solvus temperature are on average not longer
than 10 s.

Microstructural Analysis

For microstructural analysis, the test walls used for the generation of temperature
data were partitioned into several segments in order to analyze the cross section.
Figure 4 shows a stereomicroscopic image of the cross section as well as optical
microscopic (OM) images. The specimen was etched using the Beraha III etching
method to reveal the weld structure and dendritic pattern. It is clearly visible that the
structure is predominantly arranged in the build-up direction and also interconnected
across the welding layers. In fact, the dendrites grow into that direction with the
highest temperature gradient (heat flux), which in this case is the direction to the
substrate. The OM images show the structure in the top and bottom areas of the
test wall. The microstructure with its needle-like dendrites seems to become a finer
appearance towards the top. This could be the result of the cyclic heat treatment of
the underlying layers.

Fig. 4 a stereomicroscopic micrograph of the cross section of the test wall and b OM micrograph
in the top region and c in the bottom region of the wall



796 K. Hartl et al.

(a) (b) 

(c)

Fig. 5 SEM images of the microstructure in a 80x, b 300x, c 1000x magnification

When reporting the microstructural results, great attention was first paid to the
pore analysis. However, even with the assistance of large-scale optical microscopy,
it was not possible to perform a statistically representative distribution analysis since
the pore frequency is insufficient. Therefore, Scanning Electron Microscopy (SEM)
and Energy Dispersive X-Ray Analysis (EDX) were performed to detect potential
micropores.

The SEM analysis again reveals a uniformly oriented structure in the build-up
direction. At magnifications of 300x and 1000x, bright lines as well as small, dark
areas can be detected, as can be seen in Fig. 5. The bright areas occur in elongated
clusters and have an average size of 10 μm.

EDX results of the bright and dark regions show that the bright ones are likely to
represent Laves phases and the dark smaller ones are titanium nitride precipitates.
Figure 6 shows the spectra obtained for the two regions.
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Fig. 6 Spectra obtained from EDX for a bright areas and b dark areas

In addition, an EDX mapping was created, indicating that the bright domains
contain a high amount of nickel, niobium, chrome, and ironwhereas the dark domains
contain titanium and nitrogen. By this method, the dark areas could be excluded from
representing micropores (Fig. 7).
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Fig. 7 Resulting element distribution of the EDX mapping for the area shown in a for b titanium,
c chrome, d niobium, and e nickel

SEM analysis likewise failed to indicate a significant number of pores. Indeed,
some minor adhesion defects between two welding layers were detected. These
are clearly resolvable, especially in the SEM, and could have significant negative
effects on the mechanical stability. Figure 8 shows an adhesion defect in SEM at a
magnification of 300x.
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Fig. 8 Representation of an
adhesion defect between two
welding layers

Mechanical Properties

In order to investigate the effect of the assumed anisotropic behavior of the mechan-
ical properties, tensile specimens were taken both horizontally and vertically from
the test walls in the as-built condition. Flat tensile specimens were machined in
accordance with DIN 50125 Form E. Round tensile specimens were manufactured
based on Form B with an M10 thread. The notched bar specimens were prepared in
accordance with DIN EN ISO 148. The measurement was conducted using standard-
ized test conditions (DIN EN 6892 for tensile tests, DIN EN ISO 148-1). The sample
positions were taken into account in each case in order to be able to attribute potential
anomalies in the mechanical properties during the tensile test to the position. The
specimen extraction positions of the samples can be seen in Fig. 9. Index 1 stands for
the upper part of the wall for the horizontally taken specimens and for the left side
for the vertical specimens, i.e., the position at which the nozzle starts depositing.

In the following section, themechanical properties in terms of yield strength (YS),
ultimate tensile strength (UTS) and uniform elongation (eu) are compared from top
to bottom and left to right (Fig. 10). Furthermore, the obtained stress–strain curves
of the tensile specimens are compared horizontally and vertically from top, center,
and bottom, as well as from left, middle, and right (Fig. 11).

The flat tensile tests clearly indicate that the specimens taken horizontally from the
top exhibit a significantly lower strength with a slightly increased uniform elongation
in comparison to the samples of the bottom. The strength and fracture elongation of
the horizontal specimen approach those of the vertically taken specimens at extrac-
tion locations towards the bottom. This is not exactly reflected in the behavior of
the round tensile specimens. However, even with the round tensile specimens, the
uniform elongation values in the top extraction region exceed those of the lower
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Fig. 9 Sampling locations from the test walls a and b flat tensile testing samples c round tensile
testing samples and d Charpy impact testing samples

Fig. 10 Stress–strain diagrams of a flat tensile specimens and b round tensile specimens
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Fig. 11 Visualization of the mechanical properties of the round tensile specimens in a horizontal
and b vertical direction

regions, while maintaining comparatively consistent high-strength values. The verti-
cally taken specimens reveal a noticeable edge influence. In this case, the strength as
well as the uniform elongation decrease steadily from left to right, while according
to Fig. 9, the “left” sample was extracted in the middle of the test wall.

The Charpy impact tests can be seen in Fig. 12 demonstrating a higher impact
strength of the vertical specimens compared to the horizontal samples. Here, the
specimens taken horizontally from the top can again be attributed to a higher impact
strength than those at the bottom.

Fig. 12 Results of the impact strength in vertical and horizontal direction
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Fig. 13 Representation of the obtained hardness values along the wall build-up

Due to the discrepancy between the resulting mechanical properties of the upper
and lower layers, the hardness along the test wall was additionally measured. The
resulting hardness values shown in Fig. 13 exhibit a noticeable decrease in hard-
ness, especially in the final layers which is in accordance with the results from flat
horizontal tensile test specimens extracted from the top (Fig. 11a).

Discussion

In this investigation, the main emphasis lies in the as-built condition with no
subsequent heat treatment or additional processing. In this condition, the speci-
mens partially exhibit anisotropic behavior. However, due to the highly anisotropic
microstructural appearance, a more pronounced anisotropy of the mechanical prop-
erties was expected. The low anisotropy is an aspect to be considered positive, even
though the values in this condition are not comparable to values of Inconel 718
produced conventionally via casting and forming. As-forged Inconel 718 is probably
best comparable to the as-built condition. In this state, the material exhibits a YS of
about 900–1000 MPa and UTS of 1200–1300 MPa, while the values achieved for
the PMD® processed Inconel 718 with a YS of around 500 and 800 MPa UTS are
considerably lower.

Unlike a large number of observations in the field of wire-based AM in Inconel
718, in this study the top region of the wall tends to have lower strengths than
the bottom region [20–22]. Due to the cyclic heat treatment the lower layers are
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subjected to higher temperatures frequently, thus, it could be expected that they
exhibit a coarser grain structure than the top region, resulting in lower strength and
hardness with increased elongation and toughness values. In the study considered
here, a finer dendrite structure is perceived in the upper layers, suggesting similar
results. Nevertheless, a diametrical result has been observed for themechanical prop-
erties as well as in the hardness testing along the wall cross section. In this case, it is
suggested that the lower regions are experiencing a strength enhancing effect which is
considered due to the cyclic heat input during wall manufacturing. Since the precipi-
tation kinetics of the strength-increasing γ′ and γ′′ are faster than those of the δ-phase,
more frequent precipitation of these could occur in this particular heat input pattern.
An investigation of the distribution and growth behavior of the γ′ and γ′′ precipitates
using atomic probe tomography by Theska et al. [23] showed that these phases grew
in response to even short heat treatment times, enhancing the strength-increasing
effect. In addition, it was observed that with prolonged heat treatment, the former
clusters of precipitates dissolve and the precipitates become more homogeneously
distributed. Possibly, the cyclic temperature profile of the PMD® process applied
here results in a similar behavior of the γ′ and γ′′ precipitates and could explain the
higher strength and hardness values in the bottom region. Since these phases are only
detectable by high-resolution examination methods, they were not analyzed in the
present study.

Furthermore, the samples taken horizontally and vertically to the build-up direc-
tion likewise behave differently from the majority of published observations. They
postulate higher strength values for the specimens taken horizontally than for the
vertical samples [21, 24, 25]. In the context of the present investigations, this cannot
be confirmed, especially for the top areas of thewalls fromwhich the flat tensile spec-
imens were taken. However, the horizontal strength values increasingly approach
those of the vertical ones the further to the bottom they were extracted. In the case
of the round tensile specimens, no significant discrepancy between the horizontal
and the vertical specimens can be detected. On the other hand, the results of the
impact strength obtained, where the vertical specimens perform better, are again
in agreement with the effect observed in other studies. Here, however, the welding
strategy may influence the results. While the flat tensile specimens were taken from
bidirectionally welded walls, an oscillating strategy was chosen for the geometry of
the round tensile and Charpy specimens. The resulting microstructure of such a wall
structure has not been considered so far.

However, these as-built investigations are sparsely published, since in most cases
a precipitation-hardening heat treatment is performed prior to sampling. In addition,
the manufacturing parameters vary enormously in some cases, which complicates a
concrete comparison with other investigations.
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Conclusion and Outlook

The utilization of WAAM technologies such as the PMD® process opens up a multi-
tude of positive aspects for usage in the industry. The selective application of layers
for the production of a component instead of using subtractive manufacturing routes
has an enormous potential to save costs and to optimize the production-development
cycle. This process is particularly suitable for large components, such as turbine
casings, which are made of superalloys or titanium alloys. In view of these possible
applications, a thruster nozzle was produced in advance using this process from
Inconel 718, the partially machined state of which is shown in Fig. 14.

For this reason, the process will be investigated specifically for superalloys and
the manufactured structures will be studied in detail in terms of both microstructural
investigations and mechanical properties, which have been introduced in the course
of this study. The characterization of the as-built state should thus serve as the basis
for further investigations.

In order to achieve a more isotropic behavior of components and to further
reduce the Laves phase produced by means of the PMD® process, it is recom-
mended to conduct a heat treatment of the component before finishing. In order
to increase the strength, a heat treatment with age hardening would be suitable.
Whether classical heat treatment routes of conventionally produced Inconel 718 also
reflect the optimum conditions for PMD® manufactured components or whether the
time–temperature relations need to be adjusted will be investigated in the future.

Fig. 14 Partly machined
Inconel 718 thruster nozzle
manufactured by the PMD®

process
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Another method of modifying the mechanical properties is provided by work-
hardening treatment processes integrated into the WAAM process. One promising
method is inter-pass rolling. In this process, a solid rolling treatment of the top layer
is applied after the deposition of a layer. This increases the dislocation density in the
material and enforces recrystallization when heat is introduced during the deposition
of further layers. The resulting grain refinement improves the mechanical properties
of the material and reduces anisotropic behavior [26, 27].

Furthermore, it is intended to create a model of the PMD process in the finite
element software DEFORM™, which offers an AM module. The simulation can
then be verified by the generated temperature–time curves during the wall build-up
process. On the one hand, the virtual representation of the process allows process
parameters to be analyzed in a time- and resource-saving manner. In addition, by
integrating a suitable microstructure model, the effect of cyclic heat input on the
layers at different heights can also be analyzed.
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Keyhole TIG Welding of New Co-Lean
Nickel-Based Superalloy G27

Achmad Ariaseta, Dario Pick, Joel Andersson, and Olanrewaju Ojo

Abstract The influence of keyhole TIG (K-TIG) welding parameters on the weld
geometry and defects of a new Co-lean nickel-based superalloy G27 was studied,
and the microstructures of the heat-affected zone (HAZ) and fusion zone (FZ) of
the K-TIG-welded Alloy G27 were characterized. No cracks are found in the FZ
and HAZ. Minimum weld width and face underfill statistically were significantly
influenced by travel speed and interaction current*travel speed. Root excess weld
metal was only significantly influenced by travel speed. Face excess weld metal was
significantly influenced by all the factors, including their interaction. On the other
hand, all the factors, including their interaction, did not significantly influence the
average pore diameter. In the FZ microstructure, interdendritic microconstituents
are identified as (Nb, Ti)C particles and γ/Laves eutectic constituents. In addition,
a plate-like phase is observed surrounding the Laves phase, and γ′ precipitates are
found to be inhomogeneously precipitated in the FZ. In the partially melted zone
(PMZ), (Nb, Ti)C, Laves phase, γ′ precipitates, and plate-like particles are found in
the liquated and resolidified regions, suggesting the solidification behavior in PMZ
is likely to follow a similar pattern to the one observed in FZ.
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Introduction

G27 is a new patented wrought γ′-strengthened Ni-based superalloy that Carpenter
Technology Corporation has recently developed to obtain properties comparable
to those of Waspaloy in terms of high-temperature strength, stress rupture, notch
ductility, stability, and dwell fatigue crack growth resistance [1]. This new alloy is
intended for high-temperature applications such as gas turbine components in aircraft
engines with service temperature requirements of up to about 760 °C. The alloy G27
is formulated to be Co-free, therefore, producible through conventional metallurgical
processes, i.e., Vacuum InductionMelting (VIM)/VacuumArcRemelting (VAR) and
VIM/Electroslag Remelting (ESR), with a significantly reduced raw material cost
than forWaspaloy. However, Co can be added to the alloy to achieve enhanced stress
rupture strength at the cost of dwell fatigue crack growth resistance [1].

The new alloy G27 is a promising material candidate to be utilized in the hot
sections of aero-engines that have been preferably fabricated by joining small pieces
of superalloys by the welding process instead of casting the single large parts. The
fabrication strategy has several advantages, such as enhancing the design flexibilities,
e.g., it becomes feasible to join cast (complex geometry) alloys with wrought (high
strength) alloys and even join completely different superalloys [2]. Another benefit is
decreasing the total weight of the component, increasing the engine’s fuel efficiency,
which eventually leads to reduced CO2 emission to the environment.

In the fabrication of hot structural parts of the aero-engine in the aerospace
industry, one of the most standard techniques used in the fabrication is still tung-
sten inert gas (TIG) welding [3]. However, TIG welding processes have undergone
significant improvements that paved the way for the fabrication of hot structural
parts of the aero-engine, and now feasible to use faster travel speed and lower heat
input. One of the most recent TIG welding processes, so-called keyhole TIG (K-
TIG) welding, enables one to weld with a faster travel speed and lower heat input to
achieve a fully penetrating weld in a single pass in comparison to the traditional TIG
owing to a highly concentrated arc [4–6]. This process excellence is critical when
welding sophisticated materials such as superalloys in the aero-engine. In addition,
K-TIG welding is more cost-effective and much easier to operate than other high-
energy density welding processes, e.g., electron and laser beam welding [7], making
it highly suitable for on-site fabrication [8].

In welding superalloys, it is of high importance to produce a sound weld that
satisfies the tight weld quality requirement in the aerospace industry in terms of
weld geometry and defects. In addition, understanding the microstructures in the
HAZ and FZ is essential since they influence the properties and integrity of the
weldment and can become the foundation for developing a suitable post-weld heat
treatment (PWHT) of the alloy. Since Alloy G27 is a new alloy, there are no reports
from the literature regarding the influence of K-TIG welding parameters on the weld
geometry and defects, and no knowledge available with regards to the resulting
microstructures in HAZ and FZ of the welded alloy. Therefore, the article aims to
study the influence of K-TIG welding parameters on the weld geometry and defects
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Table 1 Chemical compositions of Alloy G27 in wt.% used in the present study

Element Ni Al Ti Nb S Cr Ta V Zr Mo Co

wt.% Bal 1.90 1.88 3.70 0.001 15.11 <0.02 0.1 0.03 4.02 0.18

Element
(cont.)

Si Mn C P Cu Ca Mg B N O Fe

wt.%
(cont.)

0.06 0.06 0.028 0.007 0.04 <0.0005 0.0034 0.005 0.006 0.001 15.00

Fig. 1 The schematic of bead on plate weld run on the Alloy G27 plates and the corresponding
location where the cross-sections were excised

when welding new Co-lean Alloy G27 and to characterize the microstructures of
welded alloy in the HAZ and FZ.

Experimental Procedure

Material and Welding

As-received Alloy G27 plates in as-hot-rolled condition with the chemical compo-
sition (in wt.%) shown in Table 1 and thickness of 4.2 mm were used for the bead
on plate weld runs using the robotic K-TIG welding process. High-purity argon gas
(99.99%) was utilized as the shielding gas, with a 10 l/min flow rate. The schematic
of the bead on plate weld run on the Alloy G27 plates is shown in Fig. 1.

Statistical Design of Experiment (DOE)

The DOE used in this work to study the influence of K-TIG welding parameters on
the weld geometry and defects was based on a two-level full factorial design with the
two factors, i.e., welding current and travel speed. Three middle points, i.e., Samples
5, 6, and 7,were added, resulting in seven experiments. The levels defined forwelding
parameters with their notations, units, and levels for the K-TIG welding are shown
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Table 2 K-TIG welding parameters and their level used in this study

No. K-TIG welding parameters Units Process parameter levels

−1 0 1

1 Welding current A 425 430 435

2 Travel speed mm/s 11 11.5 12

in Table 2. The welding current and travel speed ranges were selected to produce a
fully penetrating weld without burning through the plate. The distance between the
K-TIG electrode tip and the Alloy G27 plate was kept at 1.5 mm throughout the DOE
runs. After welding the samples, the typical features of weld geometry and defects
specified in AWSD17.1M:2010 [9] as the responses were measured in the as-welded
alloy, i.e., face and root excess weld metal, underfill, and average pore diameter. In
addition, measurements on minimumweld width (Wm) and cracks were also carried
out. However, no single cracks are found in the FZ and HAZ of any sample. Then,
the results were input into Modde software (MODDE 12, Umetrics, Umeå, Sweden)
for the DOE analysis. Linear regression was used to model each response according
to Eq. (1):

y = β0 + β1 current + β2 speed + β12 current.speed + ε (1)

where y is the response and dependent variable; the β terms are constants, of which
all except β0 are called regression coefficients; ε is the residual error. The factor
levels were represented on a coded scale. The welding current levels of 425, 430,
and 435 A are coded −1, 0, and 1, respectively. The travel speed levels of 11, 11.5,
and 12 mm/s are coded −1, 0, and 1, respectively. The calculation of regression
coefficients was carried out in Modde using the multiple linear regression method,
and a 95% confidence interval of these coefficients was also calculated. In addition,
a square test was automatically carried out in Modde to detect possible non-linearity
or square terms in the regressionmodels. The reproducibility test was also performed
in Modde and set a value of 0–1 in Modde, wherein a value higher than 0.5 suggests
good reproducibility [10]. Other diagnostic parameters, R2 and p-value, were also
calculated by Modde.

Weld Geometry and Weld Defects Quantification

Five cross-sections transverse to the welding direction were excised from all the
welded plates at the center of the plates (Fig. 1). The mounted cross-sections were
prepared by multistep grinding with the grit sizes down to 52 μm, followed by
three polishing steps with 9 and 3 μm diamond suspensions and 0.02 μm colloidal
SiO2. Electrolytic etching using 10% oxalic acid at 2 V was performed to reveal
the bead geometry. Macrographs of the sections were captured from etched samples
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Fig. 2 LOM image showing the example of weld bead geometry of K-TIG welded Alloy G27 and
the corresponding bead geometry measurements

using a light optical microscope (LOM) to get precise measurements of Wm, excess
weld metal, and underfill, where the average values were obtained from five cross-
sections. An example of a LOM image of weld bead geometry and the corresponding
measurements are shown in Fig. 2.

The average pore diameter was measured quantitatively using a LOM on an as-
polished surface. ImageJ software was used to quantify the pore diameter of a welded
plate in the entire FZ area of five cross-sections. The average pore diameter was
obtained from the images captured from five cross-sections of one welded plate.

The measured face and root excess weld metal, face underfill, and average pore
diameter in the DOE runs were compared with the maximum acceptable limit
specified in AWS D17.1M:2010 [9]. Note that Wm is not specified in the AWS
D17.1M:2010. Thus, 1.5 mm was used as the minimum acceptable value for Wm in
aerospace applications as Ref. [11].

Scanning Electron Microscopy (SEM)

High-resolution SEMmicrostructural characterizationwas performed on as-polished
and electrolytically etched samples using a field emission gun scanning electron
microscope (FEG-SEM) operated in the in-lens and backscatter electron (BSE)
modes at an accelerating voltage of 10 kV. The FEG-SEM was also equipped with
Oxford energy-dispersive X-ray spectroscopy (EDS). The SEM characterization was
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carried out on samples welded using the DOE’s lowest (lowest current and fastest
travel speed) and highest (highest current and lowest travel speed) heat inputs. It is
revealed that there is no substantial microstructural difference in both samples. In
this paper, only the sample welded using the lowest heat input is presented.

Results and Discussion

Influence of K-TIG Welding Parameters on Weld Geometry
and Weld Defects

All measured DOE responses of Samples 1–7 are shown in Fig. 3. These data were
taken directly from Table 3. Themiddle points in all DOE responses, i.e., Samples 5–
7, showed similar values. This was reflected in the calculated reproducibility value of
0.999, 0.914, 0.989, 0.904, and 1.000 for Wm, face and root excess weld metal, face
underfill, and pore diameter, respectively. Furthermore, all the DOE runs produced
weldswithWm larger than 1.5mm.All samples also had excessweldmetals and pore
diameters lower than the maximum allowable limit stipulated in AWSD17.1M:2010
[9] for aerospace applications. However, only Sample 3 (lowest current and highest
travel speed) met the AWS D17.1M:2010 criteria in terms of face underfill.

Fig. 3 Measured responses of K-TIG welded G27 samples (samples with varied parameters are
in blue, while replicates are in yellow); measured face and root excess weld metal, face underfill,
and average pore diameter are compared with the maximum acceptable limit stipulated in AWS
D17.1M:2010, while 1.5 mm is used as the minimum acceptable limit forWm as a reference, shown
in red dotted lines [11]
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Table 3 Full factorial design of K-TIG welding and the measured responses

Experiment
no.

Current
(A)

Travel
speed
(mm/s)

Wm
(mm)

Face
underfill
(mm)

Face
excess
weld
metal
(mm)

Root
excess
weld
metal
(mm)

Ave. pore
diameter
(μm)

1 425 11 3.49 0.25 0.22 0.83 6

2 435 11 3.23 0.16 0.25 0.83 8

3 425 12 1.75 0 0.22 0.28 6

4 435 12 2.43 0.21 0.49 0.71 6

5 430 11.5 2.86 0.21 0.27 0.79 7

6 430 11.5 2.87 0.17 0.27 0.72 7

7 430 11.5 2.90 0.16 0.32 0.76 7

The analysis carried out inModdemodeled the responses of theWm, face and root
excess weld metal, face underfill, and average pore diameter of the seven samples
to know which parameters had the most substantial influence on the responses and
whether there are any significant interactions among these parameters. Therefore,
regression coefficients and their 95% confidence interval are plotted in Fig. 4. The
statistically significant parameters (p-value <0.05) are marked in green. In contrast,
those that were not statistically significant (p-value≥0.05) that included zero in their
confidence intervals are marked in red. All the calculated p-values are presented in
Table 4,where values lower than0.05 aremarked in bold. It is shown thatWmand face
underfill statistically were significantly influenced by travel speed and interaction
current*travel speed, where the travel speed and interaction current*travel speed
have the strongest influence on the Wm and face underfill, respectively. Root excess
weld metal was only significantly influenced by travel speed. Face excess weld metal
was significantly influenced by all the factors, including their interaction, where the
current was the most substantial influencing factor. On the other hand, all the factors,
including their interaction, did not significantly influence the average pore diameter.

The next step is to know the comparison between the calculated results of the
regression model and all the experimentally measured responses. In this step, the
average pore diameter is excluded because all factors and their interaction statistically
did not significantly influence the response. The regression models of Wm, face
excessweldmetal, root excessweldmetal, and face underfill are presented inEqs. 2–5
consecutively.Nonon-linearity or square termswere detected in all regressionmodels
of those responses based on the square test automatically performed in Modde. Plots
comparing the calculated and measured responses are presented in Fig. 5. The dotted
line crosses the points where the measured values are equal to the calculated values.
The R2 values of all measured responses are shown in Table 5.

Wm, face excess weld metal, root excess weld metal, and face underfill exhibit
high R2 values of 0.968, 0.979, 0.920, and 0.944, respectively, suggesting that the
calculated results were close to the experimental results. For those responses shown
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Fig. 4 Regression coefficients for different factors and interaction of factors affecting weld
geometry and defects (green bars show significant factors, while red bars show non-significant
factors)

Table 4 P-values calculated usingModde software for the regression constants that had significant
(significant values are marked in bold) and non-significant influence on the responses (Wm, face
and root excess weld metal, face underfill, and pore diameter)

Factor p-value of
Wm

p-value of
face excess
weld metal

p-value of
root excess
weld metal

p-value of face
underfill

p-value of pore
diameter

Current 0.167 0.008 0.215 0.114 0.077

Travel speed 0.002 0.014 0.036 0.037 0.077

Current*travel
speed

0.029 0.016 0.268 0.011 0.077

in Fig. 5, the points are reasonably close around the 1:1 dotted line, suggesting a
good fit. The p-values of the regression models of Wm, face excess weld metal, root
excess weld metal, and face underfill generated in the ANOVA table were 0.005,
0.009, 0.038, and 0.022, respectively (Table 5). This suggests that the regression
models of Wm, face excess weld metal, and face underfill as presented in Eqs. 2, 3,
and 5, respectively, were statistically good or significant.

Wm (mm) = 4.113 + 0.106 current − 0.635 speed + 0.232 current.speed (2)

Face excess weld metal (mm) =0.314 + 0.075current + 0.059speed

+ 0.057current.speed (3)
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Fig. 5 Comparison of the experimentally measured responses with the predicted values from the
regression model

Table 5 R2 and p-values of regression models calculated using Modde software for the responses
(Wm, face and root excess weld metal, and face underfill)

Response R2 p-value of the regression model (from ANOVA table)

Wm 0.979 0.005

Face excess weld metal 0.968 0.009

Root excess weld metal 0.853 0.038

Face underfill 0.944 0.022

Root excess weld metal (mm) =0.779 + 0.108current − 0.165speed

+ 0.107current.speed (4)

Face underfill (mm) = 0.192 + 0.030 current − 0.048 speed + 0.077 current.speed (5)
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SEM Microstructural Characterization

Base Material Microstructure

The primary microstructural features of the Alloy G27 base materials are depicted in
the low magnification backscatter electron (BSE) image in Fig. 6a. ¨The microstruc-
ture consists of unrecrystallized grains and bright particles, identified as Nb-rich
carbides containing Ti and C, i.e., (Nb, Ti)C by SEM–EDS analysis. One example
of the typical EDS profiles and corresponding chemical compositions of (Nb, Ti)C
found in the base material microstructure are displayed in Fig. 7 and Table 6, respec-
tively. Note that it is not possible to measure the concentrations C by SEM–EDS
analysis quantitatively; therefore, C is excluded from the analysis. Apart from (Nb,
Ti)C, fine γ′ with the size of ~10 nm or less are observed to be present uniformly
throughout the microstructure on grain boundary and within grain interior (Fig. 6b).

Fig. 6. a Lowmagnification SEM-BSE image of base material microstructure of as-received Alloy
G27 showing the presence of unrecrystallized grains and (Nb, Ti)C particles; b high magnification
SEM in-lens magnification (BSE images)

Fig. 7 Typical EDS profile of a (Nb, Ti)C and b matrix in the base metal microstructure of Alloy
G27
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Table 6 Chemical composition of (Nb, Ti)C and matrix in the base material of Alloy G27 obtained
from semi-quantitative SEM–EDS point analysis

Element (wt.%) Al Ti Cr Fe Ni Nb Mo

(Nb, Ti)C 0.14 15.28 1.40 1.03 7.06 75.10 0.00

Matrix 1.55 1.60 13.60 14.75 61.81 3.27 3.43

FZ Microstructure

Figure 8a displays the low magnification SEM-BSE image of the as-polished FZ
microstructure consisting of a dendritic microstructure with a high number density
of microconstituents present in the interdendritic region imaged in bright contrast.
SEM–EDS analysis in higher magnification (Fig. 8b) reveals two types of micro-
constituents, i.e., particle A, which exhibits blocky and rod-like morphologies, and
particle B, which exhibits an irregular shape distributed semi-continuously along
the interdendritic region. Examples of high-resolution SEM-BSE images showing
the blocky particle A and irregular-shaped particle B are depicted in Fig. 8c and
d, respectively. Examples of particles A and B’s chemical compositions based on
SEM–EDS analysis are depicted in Table 7. The SEM–EDS analysis suggests that
particle A appears to be an MC-type carbide that contains Nb as the main metallic
element and Ti as a secondary metallic element, i.e., (Nb, Ti)C. The Nb content of
(Nb, Ti)C particles is found to be varied based on SEM–EDS analysis, which also
can be seen from the varied elemental contrast in some (Nb, Ti)C particles (Fig. 9b).
The blocky and rod-like morphologies are also typical for MC carbide in precip-
itation-hardening superalloys [12–15]. It is observed in Table 7 that the chemical
composition of particle B has a substantial similarity with γ/Laves eutectics in Nb-
bearingNi-based superalloys such asAlloy 718 [16] andATI 718Plus [17] in terms of
Nb, Mo, Cr, Fe, and Ni enrichments. It is worth noting that Alloy G27 is also consid-
ered an Nb-bearing superalloy with an Nb content of 3.7 wt.%. Therefore, particle
B appears to be γ/Laves eutectics type constituent based on the SEM–EDS analysis.
However, the γ/Laves eutectics does not exhibit the eutectic-typemorphology, which
is the typical morphology of γ/Laves eutectics constituent found in other Nb-carrying
superalloys such as alloy 718 and ATI 718Plus [16, 18, 19].

Figure 9a displays a high-resolution SEM in-lens image of γ/Laves eutectic
constituent in the interdendritic region of the electrolytically etched welded sample.
Interestingly, plate-like phase is revealed around the Laves particle after etching.
Due to the extremely fine size of the plate-like phase, it is impossible to analyze
the plate-like phase’s chemical composition using SEM–EDS. The existence of a
plate-like phase around the interdendritic Laves eutectic particles is also found in the
FZ of TIG-welded [20] and the deposit ofWAAM-built [21] ATI 718Plus as reported
by Asala et al. The plate-like phase is identified as η-phase using TEM selected area
diffraction pattern by the same authors and found to be enriched in Ni, Nb, Al, and Ti
from the TEM-EDS analysis. More in-depth characterization using TEM is needed
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Fig. 8 SEM-BSE images of fusion zone in as-polished K-TIG welded Alloy G27 sample; a low
magnification image showing dendritic microstructure with the presence of microconstituents in
the interdendritic regions; b higher magnification image marked in a showing the different types of
interdendritic microconstituents, i.e., particle A is (Nb, Ti)C, while particle B is γ/Laves eutectics;
c high-resolution image of the blocky (Nb, Ti)C; d high-resolution image of irregular-shaped of
γ/Laves eutectics

Table 7 Chemical composition of interdendritic microconstituents (particles A and B) in the FZ
of K-TIG welded Alloy G27 obtained from semi-quantitative SEM–EDS point analysis

Element (wt.%) Al Ti Cr Fe Ni Nb Mo

Particle A 0.24 14.16 2.20 1.13 4.44 72.74 5.09

Particle B 0.57 1.88 12.63 11.36 45.25 19.64 8.66

Interdendritic γ 1.62 2.53 12.87 12.22 60.13 6.27 4.37

γ/Laves eutectic in FZ of alloy 718 [16] – 2.0 13.2 11.4 48.6 19.1 4.4

γ/Laves eutectic in FZ of ATI 718Plus
[17]

1.02 1.35 13.2 6.03 42.07 20.04 3.65

to positively identify the plate-like phase in the FZ of K-TIG welded Alloy G27,
which is the future work of this study.

A high magnification image (Fig. 9b) of the region marked red in Fig. 9(a) reveals
the presence of γ′ precipitates with a few tens of nm size in the γ phase immediately
adjacent to theLaves eutectic constituent. The sphericalmorphologyofγ′ precipitates
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Fig. 9. a SEM in-lens image showing the presence of plate-like phase around the γ/Laves eutectic
in the interdendritic region of the etched K-TIG welded Alloy G27 sample, b higher magnification
image of an area marked red in a showing the presence of γ′ in the γ phase immediately adjacent
to the Laves particle; c high magnification image of primary dendrite core

indicates that γ′ was likely to form via solid-state precipitation during the weld
cooling, not through a solidification reaction. The γ′ phase that precipitates as a
solidification product, i.e., γ-γ′ eutectics, commonly exhibits an irregular shape as
reported in other precipitation-hardening superalloys [12, 22, 23]. The existence of γ′
precipitates is not clearly resolvable from the SEM image in the interdendritic region
away from Laves particle, as shown in an area marked N in Fig. 9b and the dendrite
core (Fig. 9c). This observation indicates that γ′ particles did not form uniformly in
the FZ.

In other Nb-bearingNi-based superalloys such asAlloy 718 andATI 718Plus, Nb-
rich phases such as MC-type carbide and Laves phase in the interdendritic region are
in general well-known to form through eutectic reactions during the weld solidifica-
tion process owing to elemental microsegregation [16, 18, 20, 24, 25]. The formation
of both microconstituents in Alloy G27 might follow a similar solidification reaction
sequence as those reported in Alloy 718 and ATI 718Plus. DuPont et al. [25] reported
that the general solidification reaction sequence of Nb-bearing Ni-based superalloys
with a high Nb concentration (>2 wt.%) and low C concentration (<0.075 wt.%)
could be described by a three-step process. Recall that Nb and C concentrations in
Alloy G27 are 3.7 and 0.028 wt.%, respectively. Firstly, the solidification is started
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by forming primary γ dendrites through a reaction of L → γ, and during the growth
of the dendrite, solute elements with partition coefficients less than unity are rejected
to the interdendritic liquid. Once the solubility limit of these solute elements in
the interdendritic liquid is surpassed, the secondary solidification microconstituents
start to form. During the primary dendrite growth, strong MC-type carbide forming
elements, i.e., Nb and Ti, enrich the interdendritic liquid continuously, which may
eventually lead to the formation of MC-type carbides. This is most likely to occur
through a univariant eutectic-type reaction of L → γ + MC over a range of temper-
atures [26]. During further cooling, the residual interdendritic liquid would continue
to get enriched by Nb, which may ultimately lead to the Laves eutectics formation
through a reaction of L → γ + Laves over a range of temperatures due to the super-
saturation of Nb. ThermoCalc simulation using the TTNI8 database (Fig. 10) shows
that the liquid is enriched with Nb and Ti atoms as the solidification progressed in
Alloy G27. This suggests that Nb and Ti segregate into the liquid during the weld
solidification, which ultimately may result in the formation of Nb-rich MC carbide
and Laves phase via eutectic reactions as previously described. Meanwhile, it is still
unclear whether the plate-like phase around the Laves particles in FZ of Alloy G27
was formed through solidification or precipitation reaction.

The existence of intermetallic constituent, i.e., Laves phase, in the FZ of Alloy
G27 needs careful consideration. In Alloy 718, Schirra et al. [27] found that Laves
phase has a weak interface with the γ matrix, and it acts as a preferential site for
easy crack initiation and propagation due to its inherent brittle nature. In addition, the
formation ofLaves phasewould also cause thematrix a depletion of principal alloying
elements required for the strengthening. It was reported in as-welded ATI 718Plus by
Vishwakarma et al. [24] that precipitation of the main strengthening phase γ′, which
contains a substantial amount of Nb (approximately 14 wt.%), in FZ was retarded
due to the Laves phase formation. Regarding the plate-like phase, their existence
in the interdendritic region may also potentially degrade the mechanical properties

Fig. 10 ThermoCalc
simulation showing the
enrichment of Nb and Ti in
the liquid during the weld
solidification of Alloy G27
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of the weldment, especially on the notch sensitivity and intergranular fatigue crack
resistance [21]. Recall thatγ′ phase does not formhomogeneously in the FZofK-TIG
welded Alloy G27. Inhomogeneous distribution of γ′ may negatively influence the
mechanical properties at high temperatures [28]. Thus, a suitable PWHT is needed
to eliminate Laves and plate-like phases and produce uniform precipitation of γ′
particles.

HAZ Microstructure

The HAZ microstructure of welded Alloy G27 immediately adjacent to the fusion
boundary, as shown in Fig. 11a, consists of a partially melted zone (PMZ) with
numerous liquated and resolidified regions in the matrix and grain boundary. PMZ
has been described as the region outside the FZ where liquation happens during
welding due to the heating that exceeds the alloy’s equilibrium solidus temperature.

Fig. 11. a Low magnification SEM-BSE image of HAZ showing PMZ region and b (Nb, Ti)C
particles and γ/Laves eutectic in the resolidified areas in PMZ, c higher magnification SEM in-lens
image of a region marked in b depicting Laves phase particle and plate-like phase surrounding it;
d higher magnification SEM in-lens image of a region marked in c showing the presence of γ′ in
the γ phase immediately adjacent to the Laves particle
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Microconstituents imaged in bright contrast (Fig. 11b) are also present in the
liquated and resolidified regions. Based on the SEM–EDS analysis, the first micro-
constituent is found to be rich inNb and contains a small amount of Ti, while the other
one is found to be enriched in Nb, Mo, Ti, Ni, Fe, and Cr, suggesting that they appear
to be (Nb, Ti)C and Laves phase, respectively, that are formed as resolidified prod-
ucts from the former PMZ liquid. Moreover, high magnification images (Figs. 11c
and d) reveal that plate-like phase and γ′ precipitates are present around the Laves
phase. Nano-sized fine particles surrounding the Laves phase are also found. These
features are similar to the ones observed in FZ (cf. Figure 9a and b). Therefore, it is
possible that the solidification behavior of PMZ liquid, to some extent, is likely to
follow a similar pattern to the one observed in FZ. The initial solid to form from the
PMZ liquid would be γ solid solution followed by γ/(Nb, Ti)C eutectic and γ/Laves
eutectic reactions, as observed in the HAZ/PMZ microstructure. As in the FZ, the
formation of a plate-like phase around the Laves particle in HAZ is also still unclear,
whether through solidification or precipitation reaction.

Conclusions

The influence of K-TIG welding parameters on the weld geometry and defects of a
new Co-lean nickel-based superalloy G27 was studied using statistical DOE, and
the microstructures of the HAZ and FZ of the K-TIG-welded Alloy G27 were
characterized. The conclusions are

1. All the K-TIG welding DOE runs produced welds with Wm larger than 1.5 mm,
excess weld metals, and pore diameter lower than the maximum allowable limit
stipulated in AWS D17.1M:2010 for aerospace applications. However, only the
sample welded using the lowest current and highest travel speed met the AWS
D17.1M:2010 criteria in terms of face underfill. No cracks are found in the FZ
and HAZ.

2. Wm and face underfill statistically were significantly influenced by travel speed
and interaction current*travel speed. Root excess weld metal was only signif-
icantly influenced by travel speed. Face excess weld metal was significantly
influenced by all the factors, including their interaction. On the other hand, all
the factors, including their interaction, did not significantly influence the average
pore diameter.

3. Microconstituents in the interdendritic regions of FZ ofK-TIGweldedAlloyG27
are identified as (Nb, Ti)C particles and γ/Laves eutectic constituents, suggesting
microsegregation during the weld solidification. In addition, plate-like phase
is also revealed around the Laves phase, and γ′ precipitates are found to be
inhomogeneously precipitated in the FZ.

4. Suitable PWHT is needed to eliminate Laves and plate-like phases and produce
uniform γ′ precipitation in the FZ.
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5. In the HAZ immediately adjacent to the fusion boundary where equilibrium
supersolidus melting takes place, i.e., PMZ, (Nb, Ti)C, and Laves phase with
plate-like phase and γ′ around it are found in the liquated and resolidified regions,
suggesting the solidification behavior in PMZ is likely to follow a similar pattern
to the one observed in FZ.
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