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Foreword

It is a great pleasure to contribute some remarks in advance of the publication of
High-Performance Ferrous Alloys, a project led by Dr. Radhakanta Rana from Tata
Steel Europe R&D in the Netherlands. I have known Radhakanta for several years
now, and he has been associated with globally recognized leading institutions in
ferrous metallurgy through his education at IIT Kharagpur in India and RWTH
Aachen University in Germany, and professionally as a researcher with us at
Colorado School of Mines and at Tata Steel Europe. Radhakanta meets every
challenge with energy and enthusiasm, and it is an honor to participate in this newest
project which is a follow-on to his recent collection of work in Automotive Steels:
Design, Metallurgy, Processing and Applications.

Steel is a ubiquitous material in the modern economy and enables many
aspects of our daily lives. Steel developments continue unabated, to meet society’s
need for enhanced performance in countless applications, at low cost. These
developments are often evolutionary and sometimes revolutionary, but progress
is always impressive as we look back at any given time over a few decades of
contributions from the steel research community. In the project at hand, however,
the emphasis is clearly more forward-looking, including families of steels that
are either newcomers in important applications, or where there is future potential
for implementation of new approaches involving iron alloys that are substantially
different than the high-volume products of the present, such as steels with reduced
density or increased elastic modulus, iron-based high-entropy alloys (or MPEAs,
multi-principal-element alloys) and iron-based intermetallics. These topics, along
with the latest developments in other high-alloy ferrous systems such as stainless
and electrical steels and cast iron alloys, are covered by a high-quality team of
experts from Europe, Asia, and North America. I hope and expect that the book
will be a significant resource for graduate students, researchers, and engineers with
interests in these topics.

The book also provides an update of developments in microalloyed steels,
automotive advanced high strength steels, and nanostructured steels, where much
attention of the international steel research community has been focused. Additional
background is provided in relation to thermodynamics and phase equilibria in
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relation to steels and ferrous alloys, and steel processing. Processing technology
is a critical enabler of cost-effective developments, and process understanding and
development often control the implementation of new physical metallurgy concepts.

I look forward to seeing the book in print, and a positive response of the steel
community to its newest resource.

ABS Professor, Colorado School of Mines, and John G. Speer
Director, Advanced Steel Processing and
Products Research Center
Golden, CO, USA
July 2020



Preface

Steels are engineered materials produced and used in large quantity across various
industrial and commodity sectors. While most conventional steels are produced
at industrial scale routinely today, many advanced high-strength steels and iron-
based alloys are still in the laboratory stage. Iron-based emerging alloys can yield
high levels of mechanical and physical properties due to novel alloy concepts and
microstructure developments leading to multiple potential benefits for their use.
Today most of the innovative steel developments are taking place in the area of
automotive steels where demand for lightweighting is ever-growing due to stringent
emission laws. Considering these facts, a book entitled Automotive Steels: Design,
Metallurgy, Processing and Applications was published a few years ago with the
editor of the current book as its lead editor. That book on automotive steels focused
on summarizing the state of the art as well as new advances in various existing
automotive sheet steels, such as extra deep drawable (EDD), bake hardenable (BH),
high-strength low alloy (HSLA), dual phase (DP), transformation-induced plasticity
(TRIP)-aided, complex phase (CP), bainitic, quenching and partitioning (Q&P) and
elevated manganese (medium manganese and twinning induced plasticity (TWIP))
steels, and design of autobody and formability of automotive sheets. However, the
developments of new steel concepts and high-alloyed ferrous materials were not
covered well and there is no book currently available assembling the knowledge
in these areas in one place. Therefore, a need was felt to fill this void so that
researchers and professionals can benefit from it. Hence, the work on the current
book entitled High-Performance Ferrous Alloys was undertaken to bridge the gap.
This book aims to compile the current state of understanding of emerging iron-
rich alloys and some high-alloy ferrous systems, in comparison with traditional
alloys, in one volume to further their development. It covers the new alloy systems
such as low-density steels, high-modulus steels, high-entropy iron alloys as well
as iron-rich alloy systems of cast irons, stainless steels, electrical steels and iron
intermetallics. It also presents processing-driven high-potential microstructures in
steels (i.e. nanostructured steels) as well as compact overviews of advanced high-
strength steels (AHSS) and microalloyed steels to give a comparative foundation.
The basics of the long chain of processing of steel products and the thermodynamics
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and phase equilibria of iron-based systems are also covered, offering the readers
some of the necessary background knowledge.

The motto of this book is not only to review and present the knowledge available
in literature on the above novel iron alloys, their design, processing, microstructural
evolution, and existing and potential applications but also to identify the gaps in
their understanding and to suggest future research and developments necessary to
show some of the emerging alloy systems the light of applications and improve the
performance of the existing alloy systems. To serve this purpose, leading experts
in the concerned areas from reputed companies, academic institutions and research
laboratories from around the globe were invited as contributors for the individual
chapters. I sincerely hope this book will be highly useful to researchers, industry
professionals, academicians and students as a great knowledge source and will foster
new research directions in the broad field of iron and steels.

I am grateful to my employer, Tata Steel, for giving me kind permission to
undertake this book project and I acknowledge the moral support of my nearest
colleagues. Finally, I would like to thank all the participating experts whose
contributions have made publication of this book possible.

IJmuiden, Noord-Holland, The Netherlands Radhakanta Rana
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Chapter 1
Thermodynamics and Phase Equilibria
of Iron-Base Systems

K. C. Hari Kumar

Symbols

As Austenite start temperature
as Relative number of sites in sublattice s

bij Stoichiometric coefficient of component j in species i

c Number of components
Cp Heat capacity at constant pressure
G Gibbs energy
g(τ) Magnetic ordering function
H Enthalpy
H SER

i Enthalpy of element i according to the Stable Element Reference (SER)
I (z) Constituent array I of order z
νLi,j Binary interaction (Redlich-Kister) parameter of the order ν

Li,j,k Ternary interaction parameter
Ms Martensite start temperature
Ns Total number of sites in sublattice s

Ni#s Number of sites occupied by constituent species i in sublattice s

p Pressure
P Number of phases
R Gas constant
S Entropy
T Temperature
xi Mole fraction of component i

yi#s Site fraction of constituent i in sublattice s
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β Magnetic moment in expressed in Bohr magneton

μ
φj

i Chemical potential of the component i in phase φj

τ The dimensionless quantity given by the ratio T/TC

1.1 Introduction

Engineering properties of materials primarily depend upon their phase constitution
and microstructure. Phase diagrams serve as roadmaps for arriving at a specific
phase constitution and microstructure. They aid in the selection of right composition
and appropriate heat treatment process for an engineering material to arrive at
the right phase constitution and microstructure. When combined with chemical
thermodynamics, it is a powerful approach to understand the behaviour of materials
in various service conditions.

Traditionally, phase diagrams are determined by meticulous and time-consuming
experiments. Phase diagrams of most binary systems and certain ternary systems of
technological interest are already established this way. These are available in the
form of handbooks. Engineering materials, however, are often multicomponent and
multiphase in nature, making it quite impractical to establish their phase diagrams
by experiments alone.

Computational thermodynamics provides an alternate approach to obtain phase
diagrams, namely, the CALPHAD (the acronym for calculation of phase diagrams)
method, which works by combining experimental information and thermodynamic
models for phases. Such an approach describes the Gibbs energy of each phase
present in a system by means of mathematical functions of temperature and
composition. These functions, used in conjunctions with specialised computer
programs, are able to generate phase diagrams and thermochemical properties of
multicomponent-multiphase materials.

1.2 Thermodynamic Equilibrium

When a system is in thermodynamic equilibrium, it simultaneously meets conditions
of mechanical, thermal and chemical equilibria. Such a system is incapable of any
further changes by itself. When a system is in thermodynamic equilibrium, there
will not be any perceptible changes in the value of any state variable with time.
Hence, state variables have definite values when a system is in equilibrium. The
thermodynamic analysis is possible only for systems that are in equilibrium.

A system in equilibrium may be in a stable or metastable state (Fig. 1.1). The
stable state corresponds to the lowest energy state, whereas a metastable state is one
that appears to be stable but truly not at its lowest energy state. When a system
is in a metastable state, it is trapped in a local energy minimum. With external
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Fig. 1.1 Stable, metastable
and unstable states
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influence, it can overcome the energy barrier to reach the stable state. For example,
graphite is a stable state of carbon, whereas diamond is metastable. On the other
hand, an unstable state refers to a state that is either changing or just on the verge of
doing so. A system in the unstable state, when left alone for sufficient time, tends
towards equilibrium state without any external influence. An undercooled liquid is
an example of an unstable state.

1.3 Phase Diagrams and Gibbs Energy-Composition
Diagrams

A phase diagram is a graphical representation of changes that take place in a
system under equilibrium conditions when at least two non-conjugate intensive state
variables are independently varied. Typically the state variables such as pressure,
temperature, composition, etc. are chosen, as these can be easily handled in an
experiment. Equilibrium conditions can be arrived at by the criterion that Gibbs
energy (G) of the system has to be minimum at equilibrium. At constant pressure
(p) and temperature (T ), it turns out that minimum Gibbs energy criterion is fulfilled
when
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where μ
φj

i is the chemical potential of the component i in phase φj , P is the number
of phases in equilibrium and c is the number of components. The maximum number
of phases that can coexist at equilibrium is governed by the Gibbs phase rule.
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The requirement that Gibbs energy must be at its minimum when the system
is in equilibrium can be better understood by the common-tangent construction.
This is shown in Fig. 1.2 for a two-phase equilibrium in the case of a hypothetical
binary system A-B. The figure also illustrates the link between common-tangent
construction and the phase diagram. The construction is based on the fact that
intercepts made by the tangents to the Gibbs energy-composition curve (Gm − x)
of a phase at any chosen composition give chemical potentials of the respective
components. Thus common-tangent represents the equilibrium conditions given in
Equation 1.1. Compositions corresponding to the points of tangency define the tie
line at the selected temperature of the phase diagram.

1.4 CALPHAD: CALculation of PHAse Diagrams

CALPHAD [1, 2] is a classical thermodynamics method, devised in the 1960s pri-
marily to calculate phase diagrams in a reliable and efficient manner. The approach
is based on the principle that state variables corresponding to thermodynamic
equilibrium can be computed by the Gibbs energy minimization.

Meijering [3] was the first to try out this idea to calculate phase diagrams in his
pioneering work on Ni-Cu-Cr. In 1970, Kaufman and Bernstein [4] authored the
first book on the subject. They have extensively discussed the concept of lattice
stability (Gibbs energy difference between two structural states of elements) and
proposed a method to establish Gibbs energy functions for stable and metastable
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modifications of several elements. They demonstrated that phase diagrams of many
binary and ternary systems can be computed using the CALPHAD approach.
Another milestone in the development of the CALPHAD was the advent of
sublattice formalism [5], which allowed thermodynamic modelling of many type
of phases using a general approach [6, 7]. This paved way to the development
of several computer programs for Gibbs energy minimization [8–12]. Since then
CALPHAD has grown significantly. Its application spans not only in the field of
calculation of phase diagrams of multicomponent systems but also in areas such as
thermochemistry, phase transformation, microstructure simulation, etc.

It is apparent that for the CALPHAD method to work Gibbs energy functions
for each phase of the system should be available. Fortunately, one can build the
Gibbs functions for a multicomponent system by combining the Gibbs energy
functions of the constituent unary and binary systems using a geometrical extrap-
olation scheme [13]. Correction terms are required to account for the higher-order
effects, usually not exceeding ternaries. For elements, most of the functions are
already made available by SGTE (Scientific Group Thermodata Europe) [14].
Thus, problem of modelling a multicomponent system is reduced to finding Gibbs
energy functions of various phases of the constituent binary and ternary systems
in a mutually consistent manner. Model parameters present in the Gibbs energy
functions are established through a computer-assisted optimization procedure using
carefully selected thermochemical and constitutional data as input. Procedure for
doing the thermodynamic optimization (also known as thermodynamic assessment,
thermodynamic modelling) is shown in Fig. 1.3 in the form of a flowchart [15].

Software packages such as Thermo-Calc [9, 16], PANDAT [11, 17], FactSage
[12, 18], JMatPro [19], etc. implement various aspects of the CALPHAD method.
For many class of engineering materials, including ferrous alloys, optimised
functions are available in the form of commercial Gibbs energy databases that
can used with these software packages. Some details of the databases for ferrous
materials are given in Table 1.1.

CALPHAD method has many advantages that contributed to its success. It is
a combinatorial approach (limited experiments + modelling). It has the ability to
interpolate experimental data in a reliable manner using Gibbs energy models. This
drastically reduces the dependence on experimental data to generate phase diagrams
and thermochemical information. One of the most powerful features of the method
is its ability to extrapolate to higher-order systems in a reliable manner using the
Gibbs energy functions of constituent unaries, binaries and ternaries. The Gibbs
energy functions can also be used to calculate metastable phase diagrams. Lastly, it
is computationally very efficient, even in the case of multicomponent systems.

Most notable disadvantage of the CALPHAD method is that the underlying
Gibbs energy modelling requires high-quality experimental thermochemical and
constitutional data as input. To some extent, the dependency on thermochemical
data can be addressed by making use of first principles approach such as the one
based on Density Functional Theory (DFT), whose results can be used as virtual
data [20] in the thermodynamic modelling. Another disadvantage of the CALPHAD
method is that it cannot predict the existence of a completely new phase for which
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Table 1.1 Some details of the commercial Gibbs energy databases for ferrous materials

Software: Thermo-Calc

Database: TCFE9

Components: 28 (Ar, Al, B, C, Ca, Ce, Co, Cr, Cu, Fe, H, Mg, Mn, Mo, N, Nb, Ni, O, P, S,
Si, Ta, Ti, V, W, Y, Zn, Zr)

Systems: Binaries-255, Ternaries-256, Quaternaries-77

Phases: 402

Software: PANDAT

Database: PanIron

Components: 27 (Al, As, B, C, Ca, Co, Cr, Cu, Fe, Mg, Mn, Mo, N, Nb, Ni, P, Pb, S, Si, Sn,
Ta, Ti, V, W, Y, Zn, Zr)

Systems: Binaries-278, Ternaries-278

Phases: 534

Software: FactSage

Database: FSstel

Components: 32 (Al, B, Bi, C, Ca, Ce, Co, Cr, Cu, Fe, Hf, La, Mg, Mn, Mo, N, O, Nb, Ni, P,
Pb, S, Sb, Si, Sn, Ta, Te, Ti, V, W, Zn, Zr)

Systems: Binaries-205, Ternaries-100, Quaternaries-20

Phases: 572

Software: JMatPro

Database: Fe alloys

Components: 21 (Al, B, C, Co, Cr, Cu, Fe, Mg, Mn, Mo, N, Nb, Ni, O, P, S, Si, Ta, Ti, V, W )

Phases: 53

the Gibbs function has not been modelled. The approach also lacks suitable models
to handle short-range order, which may be important in some systems.

1.5 Thermodynamic Modelling of Iron-Base Systems

1.5.1 Elements and Stoichiometric Compounds

Elements and stoichiometric compounds have fixed composition. Hence, their Gibbs
energies depend only on temperature and pressure, which may be split into three
parts:

G(T , p) = Gch + Gmo + Gpr (1.2)

where Gch is the chemical (lattice) contribution, Gmo is the magnetic ordering
contribution and Gpr is the pressure contribution. For most cases, we only need to
consider Gch. In the case of ferromagnetic substances, contribution from magnetic
ordering can be quite significant. Figure 1.4 shows the effect of ferromagnetic
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Fig. 1.4 Heat capacity of
α-Fe showing the effect of
ferromagnetic ordering
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ordering, for example, on the heat capacity of α-Fe. We shall ignore Gpr term as
mostly we are concerned only with equilibrium at atmospheric pressure.

In the case of elements, the functions recommended by Scientific Group Ther-
modata Europe (SGTE) [14] are generally used for representing Gch. It has the
following format:

G◦
i (T ) = H SER

i + a + bT + cT lnT + dT 2 + eT −1 + fT 3 + . . . (1.3)

where a, b, c. . . are the model parameters. ◦ indicates that standard pressure (1 bar) is
used. The abbreviation SER in Equation 1.3 refers to the Stable Element Reference,
i.e. with respect to the enthalpy of the element at 298.15 K and 1 bar (H SER

i =
H ◦

i (298) − H ◦
i (0)) and its entropy at 0 K, which is zero according to the third law

of thermodynamics. Note that these functions are not valid at low temperatures,
since they do not satisfy the requirement that heat capacity should approach zero as
the temperature approaches absolute zero. The G◦

i (T ) for an element may be split
into more than one temperature range for preserving accuracy while data fitting. It
should be emphasised that we not only need expressions for G◦

i (T ) for all stable
structural states of an element but also for several metastable states (e.g.: Al in bcc
state).

The same approach can be extended to model the Gibbs energy function of a
stoichiometric compound (θ). Thus,

G◦
θ(T ) =

∑

i

νiH
SER
i + A + BT + CT lnT + DT 2 + ET −1 + FT 3 + . . . (1.4)

where,A, B, C. . . are the model parameters and νi are the stoichiometric coefficients
for the elements that make up the compound. For compounds with zero Cp of
formation (Neumann and Kopp rule, �fC

◦
p = 0), one can use a simpler expression.
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G◦
θ(T ) =

∑

i

νiG
◦,ref
i + �fG

◦
θ (1.5)

�fG
◦
θ = h + sT (1.6)

where h = �fH
◦
θ and −s = �fS

◦
θ .

The Gibbs energy due to magnetic ordering (Gmo(T )) is modelled using the
expression due to [21], which is given below.

Gmo(T ) = RT ln(1 + β)g(τ ) (1.7)

where τ = T/TC , TC is the critical temperature for magnetic transition, β is the
magnetic moment in Bohr magneton and g(τ) is the magnetic ordering function.
The function g(τ) is given by

g(τ) =
{

1 − 1
A

(
79τ−1

140f
+ 474

497 ( 1
f

− 1)( τ 3

6 + τ 9

135 + τ 15

600 )
)

τ ≤ 1

− 1
A

( τ−5

10 + τ−15

315 + τ−25

1500 ) τ ≥ 1
(1.8)

where A = 518
1125 + 11692

15975 ( 1
f

− 1) and f is a constant related to the coordination
number (f = 0.4 for bcc and it is 0.28 for other structures).

1.5.2 Solutions

In the case of solutions, Gibbs energy is not only a function of pressure and
temperature but also of the composition. In its most general form, Gibbs energy
of a solution phase consists of four parts.

G = Gref + Gconf + Gmo + GE (1.9)

where Gref is the reference term which can be regarded as Gibbs energy of a
mechanical mixture of the constituents, Gconf accounts for the contribution to the
Gibbs energy from configurational entropy (−T Sconf) and GE is the excess Gibbs
energy term, which accounts for deviation from ideal solution behaviour. The exact
form of these terms depend on the Gibbs energy model chosen for a phase.

A substitutional solution is one of the simplest mixing models, where the
solute atoms substitute the solvent atoms randomly. For a multicomponent random
substitutional solution at standard pressure, Gref can be written as

Gref =
∑

i

xi(G
◦
i − H SER

i ) (1.10)
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where xi is the mole fraction of component i. The Gconf has the following form in
the case of a multicomponent random substitutional solution.

Gconf = RT
∑

i

xi ln xi (1.11)

It is common to use Redlich-Kister polynomial [22] for representing GE of a
binary solution. For a binary substitutional solution with the random mixing of
constituents, one can write

GE = xAxBLA, B(xA,xB) (1.12)

= xAxB

n∑

ν=0

νLA, B(xA − xB)ν (1.13)

where νLA, B are the Redlich-Kister parameters. Their T dependence can be
described using

νLA, B = νaA, B + νbA, BT (1.14)

The model parameters νaA, B, νbA, B, etc. have to be established by the thermody-
namic optimization of relevant binary systems, as described in Sect. 1.4.

Excess Gibbs energy of a multicomponent solution (GE
m − c) can be written in

terms of binary excess Gibbs energies using an extrapolation model. Many schemes
are available to do this, but Muggianu extrapolation scheme [23] is preferred for
its simplicity when used along with Redlich-Kister polynomial. Accordingly, for a
multicomponent solution with random mixing one can write

GE
m − c =

c−1∑

i=1

c∑

j=i+1

GE(xi, xj ) + Correction terms (1.15)

where c is the number of components. Correction terms account for contributions
from higher-order systems, usually not exceeding ternaries. In the case of a ternary
random substitutional solution, the Redlich-Kister-Muggianu scheme gives the
following expression for the Gibbs energy.

G=
∑

i=1,2,3

xi(G
◦
i −H SER

i )+RT
∑

i=1,2,3

xi ln xi+
2∑

i=1

3∑

j=i+1

GE(xi, xj )+x1x2x3L1,2,3

(1.16)
The ternary correction term L1,2,3 may be made composition dependent as

follows.

L1,2,3 = x1
0L1,2,3 + x2

1L1,2,3 + x3
2L1,2,3 (1.17)
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1.5.2.1 Sublattice Formalism

A simple mixing model such as random substitutional solution is usually not
adequate, since many phases have more than one type of sites in which mixing
takes place. This led to a general modelling concept known as sublattice formalism.
The approach is very suitable for modelling variety of phases such as random sub-
stitutional solutions, interstitial solutions, stoichiometric compounds, intermediate
phases with homogeneity range, ionic melts, etc.

The concept of subdividing configuration space into sublattices was originally
introduced by Temkin [24] to describe the thermodynamics of reciprocal salt
systems. It was proposed that the anions and cations occupy separate sublattices and
the mixing is random in each sublattice. The two-sublattice model of Temkin was
adapted for an arbitrary number of constituents by Hillert and co-workers [5, 25, 26].
This was later generalized for multiple sublattices with an arbitrary number of
constituent species occupying the configuration space [6]. It is represented as

(A, B, C . . .)a1 : (A, C, E . . .)a2 : . . . (B, D, E . . .)an (1.18)

where the constituent species A, B, C. . . may be atoms, molecules, charged species
or vacancies (Va) and as is the relative number of sites in sublattice s. Each pair
of parenthesis in the above representation denotes a sublattice, a colon (:) separates
each sublattice and a comma (,) separates each constituent within a sublattice. It
should be noted that a constituent species is allowed only once in each sublattice.
It is also assumed that there is random mixing among the constituents in each
sublattice.

A composition variable known as site fraction (yi#s) is introduced in order to
formulate the Gibbs energy using the sublattice formalism. It is defined as the mole
fraction of a constituent species i in the sublattice s, i.e.

yi#s = Ni#s

Ns

(1.19)

where Ni#s is the number of constituent species i and Ns is the total number of sites
in sublattice s. Ns is given by

Ns = NVa#s +
∑

i

Ni#s (1.20)

where NVa#s is the number of vacant sites in sublattice s. The total number of sites
N among all sublattices is given by

N =
n∑

s=1

Ns (1.21)
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The relative number of sites in a sublattice can be expressed as

as = Ns

N
(1.22)

It should be noted that according to this definition,
n∑

s=1
as = 1. Usually as are

multiplied by a common factor, so that they are all integers. The sum of the site
fractions in a given sublattice is unity, i.e. yVa#s + ∑

i

yi#s = 1. The mole fraction

of a component j can be calculated from the site fractions of the constituent species
using the following relation.

xj =
∑

i

⎛

⎜⎝
bij∑

k

bik

⎛

⎝

∑
s

asyj#s

∑
s

as (1 − yVa#s)

⎞

⎠

⎞

⎟⎠ (1.23)

where bij is the stoichiometric coefficient of component j in species i. When all the
specie are monoatomic, the above equation can be simplified to yield

xj =
∑
s

asyj#s

∑
s

as (1 − yVa#s)
(1.24)

Using the sublattice formalism, the Gibbs energy per mole of a formula unit
(mfu) of a phase is given as

Gmfu =
∑

I (0)

⎛

⎝
∏

I (0)

yi#s

⎞

⎠ G◦
I (0) + RT

∑

s

as

∑

i

yi#s lnyi#s +
∑

I (z)

⎛

⎝
∏

I (z)

yi#s

⎞

⎠ LI(z)

(1.25)
where I (z) is the constituent array of zth order. A 0th order constituent array
(I (0)) has only one species occupying each sublattice. It is commonly referred
to as an end-member, and it resembles a stoichiometric compound. The first term
in Equation 1.25 represents the reference energy term that consists of the Gibbs
energies of all the end-members I (0). Hence, when applied to solid phases, the
sublattice formalism is known as Compound Energy Formalism (CEF) [7]. The
second term denotes the contribution of configurational entropy to Gibbs energy due
to random mixing of constituents within each sublattice. The excess contribution to
Gibbs energy is given by the third term. It consists of several interaction energy
terms LI(z) which arise due to the interaction of constituents within a sublattice.
The interaction terms beyond the second-order constituent array are not considered
since their contribution to Gibbs energy is negligible. Note that when s = 1
and constituents are all elements, Equation 1.25 reduces to that of a random
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substitutional solution (Equation 1.16). More details of the sublattice formulation
can be found in [1].

Sublattice formalism provides an appropriate method to formulate realistic
mixing models for a variety of phases. Since this formalism is straightforward and
general, it is highly suitable for computer implementation. Care must be taken to
choose the right number of sublattices. In the case of solids, it must agree with the
crystallography and homogeneity range of the phase that is considered. Use of too
many sublattices is not practical in the case of solids with complex crystal structures
since the Gibbs energy functions needs to be determined for a large number of
end-members. Hence, for phases with complex crystal structures, one may need
to simplify the model by combining sublattices based on point group symmetry,
coordination number, etc.

Some examples of application of sublattice formalism to model Gibbs energies
of phases relevant to steels are given below.

1.5.2.2 Interstitial Solid Solutions

Gibbs energy models for ferrite (bcc, α) and austenite (fcc, γ) must distinguish
between substitutional and interstitial positions, without which configurational
entropy would be unrealistic. Smaller atoms such as C and N occupy the octahedral
voids of the lattice, while bigger atoms like Ni and Mn substitute the Fe atoms
(Fig. 1.5). A sublattice formulation with two sublattices is sufficient to take care of
this requirement.

The ratio of substitutional sites to octahedral voids is 1:3 for bcc, and it is 1:1 for
fcc. Note that only a fraction of octahedral voids will be occupied by the interstitial
atoms and remaining will be vacant. Hence vacancy (Va) must be included as
a constituent species in the interstitial sublattice. The corresponding sublattice
formulation that reflects these crystallographic requirements can be represented by

(Fe, Mn, Ni, . . .)a1
(C, N, Va, . . .)a2

Fig. 1.5 Substitutional and
interstitial positions

Ferrite (bcc) Austenite (fcc)

substitutional sites

interstitial (octahedral) voids
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where a1 = 1, a2 = 3 for bcc and a1 = 1, a2 = 1 for fcc.
As an example, sublattice representation of ferrite in Fe-Mn-C system can be

denoted by (Fe, Mn)1 : (C, Va)3. The corresponding expression for the Gibbs
energy can be readily obtained from Equation 1.25 as

Gmfu = yFe#1(yC#2G
◦
Fe : C + yVa#2G

◦
Fe : Va) + yMn#1(yC#2G

◦
Mn : C + yVa#2G

◦
Mn : Va)

+RT [1(yFe#1 ln(yFe#1) + yMn#1 ln(yMn#1)) + 3(yC#2 ln(yC#2) + yVa#2 ln(yVa#2))]
+yFe#1yMn#1(yC#2LFe, Mn : C + yVa#2LFe, Mn : Va)

+yC#2yVa#2(yFe#1LFe : C, Va + yMn#1LMn : C, Va)

+yFe#1yMn#1yC#2yVa#2LFe, Mn : C, Va + Gmo

(1.26)

One can identify various constituent arrays of the model: I (0) = Fe:C, Fe:Va,
Mn:C and Mn:Va; I (1) = Fe:(C,Va), Mn:(C,Va), (Fe,Mn):C and (Fe,Mn):Va;
and I (2) = (Fe,Mn):(C,Va). Composition domain of the model is fixed by the
compositions of end-members as xFe = 0 → 1, xMn = 0 → 1 and xC = 0 → 0.75.
This shown in Fig. 1.6. Reference term in the expression for Gibbs energy can be
visualised as a surface defined by the Gibbs energies of end-members (Fig. 1.7).
Note that both β and TC are composition dependent in the case of non-stoichiometric
phases.

1.5.2.3 Carbides, Nitrides and Carbonitrides

Certain alloying elements in steels have a strong tendency to form carbides and
nitrides. In many instances when C and N are present together along with such ele-
ments, carbonitrides are formed. Some carbides are quite similar to corresponding
nitrides and may exhibit considerable mutual solubilities.

Carbides, nitrides and carbonitrides relevant to steels can be classified into one of
the following types: MX (M = Ti, V, Nb), M2X (M = W, Mo), M3X (M = Fe), M7X3
(M = Cr, Mn) and M23X6 (M = Cr, Mn), where X = C, N. MX is modelled identical
to austenite, (M)1 : (X, Va)1, but the interstitial site is almost fully occupied by X.
M2X is modelled similar to hcp, i.e. (M)1 : (X, Va)0.5. Sublattice formulation for

Fig. 1.6 Composition
domain for the ferrite phase
in the Fe-Mn-C system

Mn:Va (Pure Mn)

Mn:CFe:C

Fe:Va (Pure Fe)

M
n:
(C

,V
a)

Fe
:(
C
,V
a)

(Fe,Mn):Va

(Fe,Mn):C

(Fe,Mn):(C,Va)

yFe#1yMn#1

y C
#2

y V
a#
2
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Fig. 1.7 Reference energy
surface

G°
I(0)

Mn:VaFe:Va

Mn:CFe:C

C

G°
Fe:C

G°
Fe:Va G°

Mn:Va

G°
Mn:C

yMn#1

y C
#
2

M3X is (M)3 : (X)1 and that for M7X3 is (M)7 : (X)3. M23X6 is modelled using
three sublattices as (M)21 : (M)2 : (X)6.

1.5.2.4 Non-stoichiometric Intermetallic Phases

Here we consider σ phase as an example since it is found in several iron binaries
(Fe-Cr, Fe-V, Fe-Mo, etc.). It belongs to the Frank-Kasper type (topologically
close-packed) of phases. The unit cell consists of 32 atoms, distributed over 5
sublattices (Fig. 1.8). Details of its crystal structure are given in Table 1.2. The ideal
crystal structure indicates that the preferred stoichiometry is AB2. However, there
is considerable non-stoichiometry in most cases due to the mixed occupancy of the
lattice sites. Larger B atoms prefer lattice sites with higher coordination number.

In order to model the Gibbs energy of this phase, one would require 5 sublattices.
However, such a model would be very complex since it results in 32 end-members.
Therefore, several simplified sublattice formulations for modelling σ phase exist
[27–31]. The model proposed by Joubert [31] is most appropriate, which is
a simplified two-sublattice model given by (A,B)10:(A,B)20. It is obtained by
combining sites with higher coordination number into one sublattice and rest into
another. It follows from Equation 1.25 that the corresponding Gibbs energy function
can be written as

Gmfu = yA#1(yA#2G
◦
A : A + yB#2G

◦
A : B) + yB#1(yA#2G

◦
B : A + yB#2G

◦
B : B)

+RT [10(yA#1 ln(yA#1) + yB#1 ln(yB#1)) + 20(yA#2 ln(yA#2) + yB#2 ln(yB#2))]
+yA#1yB#1(yA#2LA, B : A + yB#2LA, B : B)

+yA#2yB#2(yA#1LA : A, B + yB#1LB : A, B)

+yA#1yB#1yA#2yB#2LA, B : A, B
(1.27)
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A1 - 2

B1 - 4

A2 - 8

B2 - 8

B3 - 8

Fig. 1.8 Crystal structure of σ phase

Table 1.2 Crystallographic
details of σ phase

Pearson symbol: tP30

Strukturbericht: D8b

Prototype: Cr0.49Fe0.51

Site WPa CNb

A1 2a 12

B1 4f 15

A2 8i 12

B2 8i 14

B3 8j 14
a Wyckoff position
b Coordination number

Other important non-stoichiometric phases of interest in the context of steels are
the Laves phase (Strukturbericht: C14, Pearson symbol: hP12, prototype: MgZn2)
and the μ phase (Strukturbericht: D85, Pearson symbol: hR13, prototype: Fe7W6).
For the details on Gibbs energy modelling of these phases, the reader may refer to
[15, 32].

1.5.2.5 Chemical Ordering

Some solid phases that are chemically less ordered may tend to become more
ordered with lowering of temperature and/or variation in composition. Crystal
structures of the less-ordered and the more-ordered phases are related, the more-
ordered phase being a superstructure of the less-ordered phase.

There are many ordered phases whose unit cells can be thought of superstructures
of unit cells of disordered phases. For example, the ordered phases B2 and D03
are superstructures derived from the unit cell of the disordered A2 (bcc) phase,
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and ordered phases L12 and L10 are superstructures derived from the unit cell of
disordered A1 (fcc) phase. In certain systems, an ordered phase and its disordered
counterpart may be joined together through an order-disorder transformation. As
examples from iron binaries, Fe-Si and Fe-Al systems show A2-B2 transformation,
and Fe-Ni system has A1-L12 transformation.

When an ordered phase becomes disordered, the distinction between sublattices
disappears. In other words, the sublattices of the ordered phase merge on disordering
as indicated below for a simple case.

ordered : (A, B)a1
: (A, B)a2

↘ ↙ disordered : (A, B)(a1+a2)

In the Gibbs modelling of such phases, it is desirable to treat an ordered phase and
its disordered counterpart using a unified Gibbs energy model using the sublattice
framework [33, 34]. Therefore, a combined Gibbs energy function consisting of two
parts is used to model order-disorder transformations.

Gm = Gdis
m (xi) + �Gord

m (1.28)

where Gdis
m (xi) is the molar Gibbs energy of the disordered phase and �Gord

m is the
ordering contribution.

�Gord
m = Gord

m (yi#s) − Gord
m (yi#s replaced by xi) (1.29)

In order to evaluate Gord
m , the molar Gibbs energy of ordered phase needs to be

calculated twice, i.e. using site fractions and mole fractions. When the phase is
disordered yi#1 = yi#2 = xi , then �Gord

m = 0. Due to crystal symmetry, it may be
necessary to relate some of the model parameters of Gord

m (yi#s). It is also possible
to establish constraining relations between the model parameters of Gdis

m (xi) and
Gord

m (yi#s), thus reducing the number of independent model parameters. More
details on modelling of chemical ordering can be found in [1, 2, 20].

1.6 Phase Equilibria in Iron-Base Systems

In this section computed phase diagrams of selected Fe-containing systems are
presented. All the phase diagrams presented here are generated using the Thermo-
Calc [16] software. Most of the diagrams are calculated using the PrecHiMn [35]
thermodynamic database.
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1.6.1 Pure Iron

Iron exhibits allotropy, which is the key to its versatility as an engineering
material. Some important characteristics of allotropes of iron are given in Table 1.3.
The temperature-dependent phase changes in pure iron at ambient pressure are
shown in Fig. 1.9 along with the metallurgical designations of the transformation
temperatures. The p-T phase diagram of iron is given in Fig. 1.10. It shows that
both α-Fe (bcc) and γ-Fe (fcc) can transform to ε-Fe (hcp) under high pressure.

Table 1.3 Some characteristics of allotropes of iron

Properties

Property α-Fe β-Fe γ-Fe δ-Fe ε-Fe

Crystal structure bcc bcc fcc bcc hcp

Lattice 286.65a – 364.67b 293.15c a = 284.5

parameters (pm) [36] c = 399.0

Space group Im3̄m Im3̄m Fm3̄m Im3̄m P63/mmc

Pearson symbol cI2 cI2 cI4 cI2 hP2

Strukturbericht A2 A2 A1 A2 A3

Stability range (°C) [36] < 770 770–912 912–1394 1394–1538 > 10.4 GPa
a at 25°C
b at 915°C
c at 1394°C

Fig. 1.9 Phase
transformations of iron at 1
bar
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Fig. 1.10 p-T phase
diagram of iron

Fig. 1.11 Types of iron
binary phase diagrams

1.6.2 Fe-Base Binary Systems

Based on the appearance of γ phase field, Wever [37] classified Fe-X phase diagrams
into fours types: open γ-field, expanded γ-field, closed γ-field and contracted γ-
field. These are shown schematically in Fig. 1.11.

Alloying elements such as Ni, Mn, Co, etc. lower A3 and raise A4 temperatures
of iron and exhibit extended solubility in the γ phase. Thus, the corresponding
Fe-X phase diagrams belong to open γ-field type. Though alloying elements such
as C, N, Cu, etc. are like Ni and Mn, they have only limited solubility in the γ
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Fig. 1.12 Fe-rich part of Fe-Mn phase diagram (open γ-field type)

Fig. 1.13 Fe-rich part of Fe-N phase diagram (expanded γ-field type)

phase. Their phase diagram with iron belong to the expanded γ-field type. Both
these categories of alloying elements are austenite (γ) stabilisers (gammagenous).
As representative examples, the iron-rich part of Fe-Mn and Fe-N phase diagrams
are shown in Figs. 1.12 and 1.13, respectively.

When alloyed with iron, elements such as Al, Si, Mo, etc. raise A3 and lower
A4 temperatures. In the phase diagrams of such systems, the γ-field is constrained
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Fig. 1.14 Fe-rich part of Fe-Al phase diagram (closed γ-field type)

Fig. 1.15 Fe-rich part of Fe-Si phase diagram (closed γ-field type)

to a small region that resembles a loop (γ-loop) and thus belongs to the closed γ-
field type. As representative examples, the iron-rich part of Fe-Al and Fe-Si phase
diagrams are shown in Figs. 1.14 and 1.15, respectively.

Alloying elements such B, Nb, Ta, etc. also raise A3 and lower A4 but have
much less solubility in γ. Their behaviour somewhat similar to the γ-loop formers,
but the γ-loop is interrupted by compound formation. Fe-X phase diagrams with
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Fig. 1.16 Fe-rich part of Fe-Nb phase diagram (contracted γ-field type)

these alloying elements belong to the contracted γ-field type. Alloying elements of
both these groups belong to the class of ferrite (α) stabilisers (alphageneous). As
representative example, the iron-rich part of the Fe-Nb phase diagram is shown in
Fig. 1.16.

1.6.2.1 Fe-C System

Most important among the iron binaries is the Fe-C system. Carbon being an
austenite stabiliser lowers the A3 temperature and raises A4 temperature of iron.
Carbon is an effective solid solution strengthener for martensite, austenite and
ferrite phases. Microalloying elements such as Ti, V and Nb readily combine
with carbon forming very fine MC carbides. Carbon distribution between the main
microstructural constituents controls the properties of steel. When weldability is
critical, it is desirable to keep carbon content below 0.2 wt %.

Two versions of the phase diagrams are useful in the context of physical
metallurgy of steels. The stable one corresponds to the iron-graphite equilibrium,
whereas the metastable one corresponds to the iron-cementite (Fe3C) equilibrium.
Figure 1.17 is a combined representation, in which the dashed lines are applicable
to the metastable case. Note that eutectoid temperature (A1) is about 13°C lower for
the metastable case than for the stable case. Similarly, the solubility of carbon in
austenite (represented by the Acm phase boundary) is slightly higher in the case of
the metastable one.
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Fig. 1.17 Fe-rich part of the Fe-C phase diagram (stable and metastable versions)

1.6.3 Fe-Base Ternary Systems

Full representation of phase diagram of a c-component system requires (c + 1)

dimensions. It is common practice to reduce the dimension of a ternary phase
diagram to two by fixing pressure and temperature. These sections are known
as isothermal sections. Another way to obtain a two-dimensional ternary phase
diagram is to fix the pressure and impose a composition constraint. Such sections
are known as vertical sections (isopleths). Here we present some selected examples
of Fe-X-C phase diagrams (X = Mn, Al or Si) in the form of isothermal and vertical
sections.

Manganese is an important alloying in all generations of advanced high strength
steels. Being an austenite stabiliser, manganese promotes retained austenite. It also
increases hardenability of steels. The phase equilibria of the Fe-Mn-C ternary
system is, therefore, very important for understanding the physical metallurgy
and heat treatment of these steels. Figures 1.18 and 1.19 are some representative
isothermal and vertical sections of Fe-Mn-C system, respectively.

Aluminium and silicon are ferrite stabilisers. They suppress cementite formation
and enhances diffusion of carbon from martensite to retained austenite during the
heat treatment of advanced high strength steels. Silicon when present in excess of 1
wt % causes problems during hot-dip galvanising. Aluminium when present along
with nitrogen readily forms AlN, which is also not desirable. Figures 1.20, 1.21,
1.22, and 1.23 are some representative isothermal and vertical sections of Fe-Al-C
and Fe-Si-C systems.
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Fig. 1.18 Fe-Mn-C: Fe-rich part of representative isothermal sections

Fig. 1.19 Fe-Mn-C: Fe-rich part of representative vertical sections

Fig. 1.20 Fe-Al-C: Fe-rich part of representative isothermal sections
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Fig. 1.21 Fe-Al-C: Fe-rich part of representative vertical sections

Fig. 1.22 Fe-Si-C: Fe-rich part of representative isothermal sections

Fig. 1.23 Fe-Si-C: Fe-rich part of representative vertical sections
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Fig. 1.24 Fe-Cr-Ni:
isothermal section at 900°C

The phase equilibria in Fe-Cr-Ni system is of importance in understanding
the constitution of stainless steels. Basis for stainless steel is the Fe-Cr system,
properties of which are modified by the addition of alloying elements such as Ni,
Mo, etc. Figure 1.24 is the isothermal section of the system at 900°C. A vertical
section of the system taken at 70 wt % of Fe is shown in Fig. 1.25. The vertical
section is particularly useful to understand the solidification behaviour of stainless
steel melts. Both the diagrams were calculated using the TCFE9 database from
Thermo-Calc [16].

1.6.4 Fe-Base Multicomponent Systems

Phase diagrams of multicomponent systems are best represented by isopleths
in two dimensions by imposing (c − 2) composition constraints. Consequently,
several isopleths are possible. As examples, Fig. 1.26a, b are representative isopleths
of the quaternary systems Fe-Al-Mn-C and Fe-Mn-Si-C, respectively. Similarly,
Fig. 1.27a, b are representative isopleths of the quinary system Fe-Al-Mn-Si-C.

1.6.5 Iron Containing High Entropy Alloys

High entropy alloys (HEAs) [38, 39], also known as multi-principal element
alloys (MPEAs), are a new class of material with five or more components in
equimolar or near equimolar proportions. The design philosophy behind HEAs is
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Fig. 1.25 Fe-Cr-Ni: vertical
section corresponding to 70
wt % Fe

Fig. 1.26 Fe-rich part of representative vertical sections of Fe-Al-Mn-C and Fe-Mn-Si-C systems

that the high configurational entropy present in the system is expected to promote
a predominantly single-phase microstructure consisting of a simple solid solution
(fcc, bcc, or hcp).

Iron is a component in some of the earliest of HEAs, namely, CoCrFeMnNi
[38] and AlCoCrCuFeNi [39]. About 85 % of the reported HEAs so far contain Fe
[40] as one of the components. The most studied among these is the CoCrFeMnNi
alloy, which is a single-phase fcc microstructure. Though fcc phase in this alloy is
stable over a wide temperature range, after prolonged heat treatments at intermediate
temperatures (700°C, 12000 h), small amount of σ phase is seen. AlCoCrFeNi
is another well-studied HEA. This alloy has a duplex microstructure consisting
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Fig. 1.27 Fe-rich part of representative vertical sections of Fe-Al-Mn-Si-C system

of disordered and ordered bcc phases. The σ phase was reported to appear after
heat treatment in this alloy also [41]. Though the design idea of HEA is to use
equimolar ratios, “massive solid solutions/massively alloyed solid solutions” can be
made through non-equimolar compositions as well. For example, 5Co-2Cr-40Fe-
27Mn-26Ni alloy has single-phase fcc microstructure with attractive mechanical
properties [42, 43]. Massive fcc solid solutions with the major element being Fe
and Mn, Al, Si and C as potential alloying additions is considered as the key for
exploring alloys termed as high-entropy steels [44].

1.7 Applications of the CALPHAD Method

In this section, some examples of the application of the CALPHAD method to
compute other types of diagrams relevant to phase transformations in ferrous
materials are presented.

1.7.1 Phase Fraction Plots

Phase fraction plots, although do not qualify as phase diagrams, are quite handy
when one is interested in temperature-dependent phase changes in a specific alloy.
Figure 1.28 is the phase fraction plot for the alloy Fe-3Al-5Mn-2Si-0.3C.

Figure 1.29 is the phase fraction plot for Fe-25Mn-2.7Al-2.7Si-0.05C high-
entropy steel. It shows that the alloy has a wide temperature range in which γ phase
is the only stable phase.



1 Thermodynamics and Phase Equilibria of Iron-Base Systems 29

Fig. 1.28 Phase fraction plot
for the alloy
Fe-3Al-5Mn-2Si-0.3C

Fig. 1.29 Phase fraction plot
for the alloy
Fe-25Mn-2.7Al-2.7Si-0.05C
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Fig. 1.30 (α+γ) phase-field
of Fe-C system showing T0
boundary

1.7.2 T0 Boundary

The loci of points within the two-phase field of a phase diagram, where the Gibbs
energy of both the solution phases of the same composition are equal, can be
given as a relation between temperature and composition at constant pressure;
this is known as the T0 boundary. It is of great significance in understanding the
nature of phase transformations. T0 can be used to separate martensitic regions
from diffusion-controlled phase transformation regions. Figure 1.30 shows the T0
boundary within the (α + γ) phase field of Fe-C system. Along the T0 boundary, the
following condition is satisfied:

Gα
m(T , p, xC) = G

γ
m(T , p, xC) (1.30)

The above equation can be solved for T0 temperature for a given carbon content.
In a Gibbs energy-composition plot, composition coordinate of the T0 is given by
the point of intersection of the Gibbs energy boundarys of the participating solution
phases. For two-phase regions that are narrow, T0 is located approximately along
the midpoints of the tie lines.

Since the driving force for γ to transform to α of the same composition (i.e.
without any diffusion) is zero along the T0 boundary, it can be regarded as the upper
limit of the compositions capable of undergoing a diffusion-less transformation.
Such a transformation is very similar to allotropic transformation in elements, and
therefore T0 boundary is sometimes known as the allotropic phase boundary. Growth
without diffusion can occur only if the carbon content of austenite lies left of the T0
boundary in Fe-C diagram. Above T0 boundary, transformation without composition
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Fig. 1.31 Isopleth of
Fe-(0-1)C-1.53Mn-1Si
overlaid with T0 boundary in
the (α+γ) phase field

change is not possible. The martensitic start temperature (Ms) is located somewhat
below the T0, since higher driving forces are required for the transformation,
primarily due to strain energy associated with the martensite. Likewise, the austenite
start temperature (As) is located above T0. As an approximation, one may use

T0 ≈ 1

2
(Ms + As) (1.31)

to estimate the T0 temperature of a given steel composition.
For a multicomponent steel, the thermodynamic condition along the T0 boundary

in the (α + γ) field is given by

Gα
m(T , p, xi=2..c) = G

γ
m(T , p, xi=2..c) (1.32)

The above equation can be solved for T0 temperature for different values of
composition of a selected component. As an example, Fig. 1.31 shows T0 boundary
overlaid on the isopleth of Fe-(0-1)C-1.53Mn-1Si.

1.7.3 Paraequilibrium

Paraequilibrium refers to a kinetically constrained local equilibrium at the par-
ent/product interface involving a phase transformation between two solid solutions.
It was first proposed by Hultgren [45] to explain peculiarities in austenite/ferrite
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Fig. 1.32 Isopleth of
Fe-(0-1)C-1.53Mn-1Si
overlaid with paraequilibrium
phase boundaries of the
(α + γ) phase field

phase transformation in ternary and multicomponent steels. The basis of paraequi-
librium hypothesis is that diffusion of substitutional elements is very slow compared
to interstitial elements. Hence it is possible that when ferrite forms rapidly from
austenite under paraequilibrium conditions, where compositions of substitutional
elements in austenite and ferrite remain the same, while there is a redistribution of
interstitial elements.

The thermodynamic conditions for paraequilbrium are given by [46]

μα
i = μ

γ
i

∑

j

xα
j μα

j =
∑

j

x
γ
j μ

γ
j (1.33)

xα
j = x

γ
j

where i refers to interstitial elements such as carbon, nitrogen, etc. and j refers to
all substitutional elements including iron. Figure 1.32 shows isopleth of Fe-(0-1)C-
1.53Mn-1Si overlaid with paraequilibrium phase boundaries of the (α + γ) phase
field.

Paraequilibrium should be regarded only as a limiting case since in reality some
redistribution of substitutional elements always takes place.
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1.8 Summary and Outlook

Determination of phase equilibria and thermodynamic properties of materials are
efficiently done using a combinatorial approach that involves the experimental
methods and the CALPHAD approach. The CALPHAD approach relies on finding
the equilibrium constitution of material by Gibbs energy minimisation, for which
Gibbs energy functions of all participating phases must be known. Gibbs energy
functions are established through thermodynamic modelling. Several Gibbs energy
models for phases often found in ferrous materials were discussed. Examples
of computed phase equilibria in selected iron-base systems relevant to advanced
high-strength steels for automotive applications were presented. Finally, some
applications of the CALPHAD method relevant to the phase transformations in
ferrous materials were given.

The reliability of the results obtained for a multicomponent system obtained by
the CALPHAD approach is limited by the accuracy of the Gibbs energy functions
of the binary, ternary and quaternary sub-systems. Current generation Gibbs energy
databases for ferrous materials still require improvements with respect to increased
composition limits for some of the alloying elements. Most notably, it is required
that future generation databases should be improved to handle calculations involving
more amount of zinc, aluminium and nickel than presently possible. Such databases
will offer possibilities to do calculations involving zinc coating on steels, low-
density steels and joining of steels with superalloys. Not all commercially available
databases has the capability of handling dissolved gases such as oxygen, nitrogen
and hydrogen. Besides, inclusion of elements such as tin, arsenic, antimony and tel-
lurium will enhance the capability of databases to handle problems associated with
recycling and free-cutting steels. Present generations databases are recommended
for doing calculations above 300 K. Efforts are underway to extend the validity of
Gibbs energy functions to cryogenic temperatures. Lastly, more phases need to be
added to the database. An example is the FeTiP phase, which is important for the
interstitial-free steels, is still missing in the thermodynamic databases for ferrous
materials.
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Abbreviations

AF Acicular ferrite
AHSS Advanced high strength steel
ART Austenite reversion transformation
BOF Basic oxygen furnace
Bs Bainite start temperature
CAL Continuous annealing line
CAPL Continuous annealing with presence of isotheral holding line
CFB Carbide-free bainite
CP Complex phase
CQ Commercial quality
CRMLQ Cold-roll magnetic lamination quality
DDQ Deep drawing quality
DP Dual phase
DQ Drawing quality
EAF Electric arc furnace
EDDQ Extra-deep-drawing quality
FRT Finish rolling temperature
GOES Grain-oriented electrical steel
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HDCGL Hot-dip continuous galvanizing line
HER Hole expansion ratio
HSLA High strength low alloy
IF Interstitial free steel
M Martensite
Ms Martensite start temperature
MS Martensitic steel
NOES Non-oriented electrical steel
P Pearlite
PF Polygonal ferrite
Q&P Quench and partition
RA Retained austenite
RCR Recrystallization controlled rolling
ROT Run-out table
SEM Scanning electron microscope
SK Semi-killed
SRP Solute retardation parameter
TBF TRIP steels with bainitic ferrite
TEM Transmission electron microscope
TMCP Thermomechanical controlled process
TMP Thermomechanical processing
Tnr No recrystallization temperature
TRIP Transformation-induced plasticity
ULSAB Ultra-light steel body consortium
UTS Ultimate tensile strength
YS Yield strength

2.1 Steelmaking Process: A Long Way to the Final Products

Figure 2.1 depicts the key steps in the processing of steels from ores to final products
[1]. As shown in this figure, a final product requires a long list of processing steps
before reaching customers. To start the raw materials are prepared for the key step
of ironmaking using the blast furnace. Once the oxide has been reduced to molten
metal, additional refining is carried out using a basic oxygen furnace (BOF) or an
electric arc furnace (EAF). Ladle refining is followed by a casting operation to make
semi-finished products in the shape of slabs, billets, or blooms. A hot/cold rolling
process brings these semi-finished products close to the final shape that is ready
for shaping/cutting operations. These close-to-final products are in the shape of
long products (rods, bars, and sections) or flat products (strip, plate, and sheet).
These products are used in many industries including automotive, construction,
transportation, and energy. These illustrations highlight the key steps of a lengthy
process, which is further complicated by the many interacting microstructure
evolution phenomena that take place during processing. This chapter aims to shed
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Fig. 2.1 Overview of steelmaking process (www.worldsteel.org)

light on some of the recent developments in (solid-state) steel processing, with
an emphasis on thermomechanical processing (TMP) of steels in conjunction with
an up-to-date understanding of the process-microstructure-property relationships in
modern steels.

2.2 Hot Working of Steels: An Introduction

In this section, the main emphasis is on the hot rolling of flat products, with
few examples of other processing techniques such as forging and wire drawing.
Rolling products comprise a large fraction of the steel market, and the underlying
metallurgical aspects of the process discussed in this chapter can be largely
extended to the other hot working processes even though they offer different
temperature/strain/strain rate paths. Figure 2.2 is a schematic illustration of a typical
hot rolling mill [2]. It includes a reheating furnace, roughing and finishing mills, a
runout table with laminar cooling, and down coiler(s). Design changes can be made
to accommodate specific product requirements.

A modern thermomechanical controlled process (TMCP) requires a clear under-
standing of the underlying thermodynamics and kinetics of the phenomena that
contribute to microstructure evolution including recovery, recrystallization, pre-
cipitation, and phase transformations, specifically austenite decomposition. Figure
2.3 highlights the key microstructure evolution events taking place during ther-
momechanical processing. Important temperatures to pay attention to are the no
recrystallization temperature (Tnr), the finish rolling temperature (FRT), and the
phase transformation start temperatures (the austenite to ferrite transformation starts

http://www.worldsteel.org
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Fig. 2.2 A schematic illustration of a steel hot rolling mill [2]

Fig. 2.3 A schematic diagram of a TMCP with corresponding microstructures and metallurgical
events taking place in each segment (TReheat, reheat temperature; Tnr, non-recrystallization temper-
ature; Ar3, austenite decomposition temperature upon cooling; Ms: martensite start temperature;
Bs, bainite start temperature; PF, polygonal ferrite; P, pearlite; BF, bainitic ferrite; AF, acicular
ferrite; M, martensite)

upon cooling below Ar3, bainite formation starts at Bs, and martensite formation
starts at Ms). These temperatures depend upon the deformation history, as well as the
chemical composition of the alloy. In the following sections, a brief description of
the metallurgical phenomena taking place in each segment of the TMCP is reviewed.

2.3 Reheating Stage

The main purpose of the reheating stage is to make the initial material ready
for the deformation process. The reheating temperature for the roughing stage
generally lies between 1100 and 1250 ◦C, and the holding time may vary from
one to several hours, depending on the dimensions and chemistry of the slab.
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In microalloyed steels, the reheating stage is accompanied by the dissolution of
carbides and carbonitride precipitates. It is worth noting that, depending on the
chemistry of the steel, some of the nitrides (e.g., TiN and AlN) don’t dissolve
during reheating. The presence of these nitrides can effectively retard austenite grain
growth during the reheating stage. A large body of work in the literature is devoted
to the effect of different alloying elements and their precipitates on austenite grain
evolution in the reheating stage [3, 4]. Depending on the chemistry of the steel
and the reheating temperature and time, normal and abnormal grain growth may
take place. During normal grain growth, the average grain size increases, but the
size distribution remains self-similar. In contrast, grains can grow “abnormally,”
where a larger grain grows at the expense of many smaller ones. This phenomenon
can occur when the reheating temperature of microalloyed steels is not carefully
selected, because the dissolution of precipitates may result in the removal of local
particle pinning and selective grain growth. Therefore, a proper understanding of
the dissolution of precipitates and their solubility limits is of great importance when
trying to avoid abnormal grain growth, as abnormal grain growth may result in an
inhomogeneous grain distribution in the final product and lead to inferior toughness.

2.4 Roughing Stage

The main purpose of the roughing step is to reduce the cross section of the castings
and break down their dendritic structure. Roughing stands are usually in the form of
2-high or 4-high roughers. During the roughing stage, austenite grains recrystallize
statically or dynamically depending upon the composition, roughing strain, strain
rate, and temperature. Repeated recrystallization has the desired effect of reducing
the average grain size. The high temperatures during roughing (1050–1250 ◦C)
can lead to grain growth, which is a concern for developing high strength steels
with a fine final microstructure. The rolling of plates often requires large forces
and is carried in many, relatively, light passes because of mill load limitations.
A reversing mill is usually used for plate roughing with interpass times of up to
10–30 s at relatively high temperatures [5]. This time scale is long enough for the
interaction between precipitation, recrystallization, and grain growth. The presence
of TiN particles that exert a pinning force on austenite grain boundaries results in
the suppression of austenite grain growth while allowing further recrystallization
to take place. This is the basis for recrystallization controlled rolling (RCR), in
which the recrystallization process results in grain refinement before the onset of
phase transformations [6]. Solutes might also contribute to the retardation of grain
growth as a result of the solute drag effect. Table 2.1 allows one to compare the
relative effectiveness of different solutes (Mo, Ti, V, and Nb) in the retardation of
austenite recrystallization [7]. The solute retardation parameter (SRP) is a parameter
comparing the influence of different alloying elements on the recrystallization rate.
It is evident that Nb is comparatively more effective than other alloying elements in
retarding austenite recrystallization, even at low concentrations.
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Table 2.1 Solute retardation
parameter for static
recrystallization of austenite
for different alloying
elements [7]

Element SRP
01·at.-% 0·01 wt-%

V 12 13
Mo 33 20
Ti 70 83
Nb 325 222

Table 2.2 Summary of finish
rolling mill for different
product geometries

Mill Plate Strip Bar

Reduction per pass, % 15 50 25
Total strain < 10 10–200 1000
Interpass, sec 20 0.1–1 <0.1
Finish temperature, ◦C 750–950 800–900 1000
Number of passes 15–27 6–7 8–15

Adapted from [8]

In contrast to the plate rolling, in a strip mill, the interpass times are usually 1–
2 s. Hot strip mills are usually designed to be faster than plate rolling with more
reduction per pass to avoid temperature loss and intercritical rolling. Thus, grain
growth is of less concern in hot strip mills compared to plate mills.

2.5 Finish Rolling

While roughing deformation is carried out at temperatures well above 1000 ◦C,
leading to repeated steps of austenite grain refinement via recrystallization, the
finishing stage can be extended to just above the start of the phase transformation
temperature, Ar3, as shown in Fig. 2.3. Table 2.2 summarizes the finishing mill
operational parameters for plate, strip, and bar products [8]. The finishing schedule
of plates and strips differs significantly with respect to interpass time, strain rate, and
number of passes. The resulting microstructure is very sensitive to the interactions
between the processes of deformation, recovery, recrystallization, and precipitation.
As the rolling temperature decreases, the kinetics of recovery and recrystallization
slow down. Simultaneously, the solubility of the microalloying elements decreases
leading to the precipitation of fine-scale carbonitrides. The combination of these
factors can result in the accumulation of deformation in austenite prior to phase
transformation resulting in the so-called “pancaked” austenite microstructure.
Depending on the desired microstructure, the temperature, strain rate, and rolling
reductions need to be carefully controlled in order to produce either a fully
recrystallized or a fully pancaked austenite microstructure at the end of finish
rolling. Partial recrystallization during finish rolling is not desirable as it results
in an inhomogeneous final microstructure that is detrimental to toughness [9].

From the above discussion, microalloying elements play an important role in
controlling the microstructure during finish rolling. As an example, small additions
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Fig. 2.4 Schematic representation of niobium precipitates at each stage of TMCP and their effects
on microstructure refinement in comparison with no niobium addition [11]

of niobium and titanium (wt.% ≤ 0.1) can help to refine the microstructure during
slab reheating, controlled rolling, and accelerated cooling, thereby enhancing the
strength of the final products [10]. The effects of niobium are schematically shown
in Fig. 2.4 [11]. Here, austenite recrystallization does not take place due to the
presence of fine Nb(C, N) precipitates which retard dislocation rearrangement
and the nucleation of recrystallization. For practical purposes, it is convenient
to introduce the no-recrystallization temperature, Tnr, which is the temperature
below which static recrystallization can no longer go to completion in the interpass
interval [12, 13]. Deformation below Tnr leads to the accumulation of strain
and results in the appearance of elongated grains and the formation of ledges
on austenite grain boundaries. These extra surfaces act as nucleation sites for
ferrite, resulting in significant grain refinement upon transformation by accelerated
cooling, and ultimately leading to improved properties. The no-recrystallization
temperature, Tnr, strongly depends on the chemistry of the alloy and increases
as the (micro)alloying content increases [13]. In fact, Tnr is a complex concept
since it is influenced by the interaction between different mechanisms, namely,
deformation, recovery, recrystallization, solute drag, and precipitation. Among the
different microalloying elements, Nb has the largest impact on Tnr, approximately
extending it into the roughing temperature range. In addition to being used to control
Tnr, microalloying additions are also used for precipitation hardening. Very fine
dispersions of microalloyed carbides can form through interphase precipitation at
the austenite/ferrite interface during the phase transformation or within ferrite after
the phase transformation. These fine carbonitrides make an important contribution
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to the final strength of the steel. Therefore, it is necessary to design hot rolling
schedules that leave a sufficient amount of the microalloying elements in solid
solution to allow subsequent precipitation of fine carbonitrides during or after the
phase transformation.

2.6 Cooling and Coiling

Steels are commonly cooled using either air or water. The air cooling rate is
approximately 10 ◦C/s, while water cooling rates vary from 18 to 50 ◦C/s depending
on the dimensions of the steels [14]. The cooling pattern after rolling, together
with the chemical composition and the austenite condition, determines the final
microstructure and mechanical properties. A wider range of cooling rates and
patterns is available on strip mills compared to plate mills. Depending on the
cooling rate, a variety of microstructures can be obtained as can be seen in Fig. 2.3.
Higher cooling rates on the runout table (ROT) result in finer ferritic structures and,
depending on the steel, a higher volume fraction of martensite/retained austenite.
Similarly, coiling temperature plays an important role in determining the final
microstructure and mechanical properties of the steel. The selection of coiling
temperature depends on the chemical composition of the steel being processed
and typically varies between 400 and 650 ◦C. The cooling rate and coiling
temperatures are important process variables with regard to microstructure and
properties. Phase transformation of austenite during cooling/coiling fundamentally
changes the microstructure and properties of steel. This decomposition can result
in formation of new constituents such as bainite, polygonal ferrite, pearlite, bainitic
ferrite, acicular ferrite, and martensite. The final microstructure is usually a mixture
of abovementioned phases depending on steel chemistry, austenite deformation
state, and cooling rate.

Coiling temperature can also affect mechanical properties by controlling precip-
itate formation and coarsening, as well as impurity segregation. The precipitation of
V(C,N) in ferrite during coiling can lead to significant strength increases depending
not only on the rolling schedule used but also on the chemical composition. In
fact, vanadium forms almost no precipitates in austenite and is, therefore, available
for precipitation hardening during or after austenite decomposition [9]. Similarly,
retained solute Nb after finish rolling can also form very fine precipitates in ferrite,
1–2 nm, resulting in considerable precipitate strengthening, ~ 90 MPa [15].

2.7 Cold Rolling and Annealing

To further reduce steel strip gauge and better control dimensional tolerance, hot
rolled steel strips are further processed by cold rolling. This has the additional
advantages of improving the surface finishes, surface flatness, and mechanical
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Fig. 2.5 Sketch of high-level process map of cold mill [16]

properties. The cold processing unit includes cold reduction stands, as well as an
annealing line and temper rolling. A layer of oxides or scales form on the surface of
hot rolled steel strips during the hot rolling process, and these oxide and scales must
be removed prior to further processing at the cold mill. This is usually accomplished
by a pickling line. The operation of a pickling line is usually continuous with
entering coils welded head to tail. The strips are pickled in a hydrochloric or sulfuric
acid solution and then subjected to a rinsing and passivation step, followed by drying
and side trimming. Pickled oil is usually applied on the top surface of the strip just
before recoiling to act as a lubricant in the first cold reduction pass. Figure 2.5
displays a typical, high-level process map for cold rolling and annealing that would
be used at most industrial facilities [16]. The microstructure of the final product
depends on the steel itself (chemistry) as well as the configuration of the processing
line. Some lines are designed to achieve a very specific target of mechanical or
magnetic properties.

Some steels are sold in the cold rolled steel. More commonly, however, the cold
rolling step is followed by either batch or continuous annealing. Batch annealing
products include commercial quality and drawing quality carbon steels, interstitial
free steels, high strength low alloy steels, and electrical steels. Continuous annealing
products include advanced high strength steels, interstitial steels, conventional
carbon steels, and electrical steels. It is worth noting that some steels could be
produced using both batch and continuous annealing. The next section will focus
on cold rolling, followed by a discussion of continuous and batch annealing.

2.7.1 Cold Rolling

Cold rolling operations are carried out at either a tandem cold rolling mill or a
reversing cold reduction mill. Most operations are at room temperature. Figure 2.6
shows examples of both a tandem cold rolling mill (a) and a reversing cold reduction
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Fig. 2.6 (a) Schematic of tandem cold rolling mill, (b) reversing cold rolling mill [17]

Fig. 2.7 Microstructure evolution of low carbon steel: (a) original hot band, (b) 70% and (c) 80%
reduction ratios

mill (b). Skin rolled products are only subjected to 0.5–1% reduction to correct the
hot rolled steel strip shape and to eliminate the yield point elongation, thus avoiding
stretcher strain (Lüder lines) in the final products. Most other products are subjected
to reductions in the range of 35–90%. In general, the lowest percentage reduction
takes place in the last pass to obtain better control of flatness, gauge, and surface
finishes.

Most energy expended in cold work during the cold reduction operation is
converted into heat, but only a small fraction (<10%) is stored in the reduced steel
strip as strain energy [18]. The microstructure of a hot rolled steel strip experiences
dramatic change during the cold rolling process. An example of the microstructural
evolution of a low carbon steel (0.044 C, 0.25 Mn wt.%) is summarized in Fig. 2.7
[19], with Fig. 2.7a displaying the original microstructure of the hot rolled strip and
Fig. 2.7b showing the microstructure after 70% reduction and Fig. 2.8c after 80%
reduction ratio. The cold-reduced optical microstructures consist of ferrite (bright
phase) with a small amount of cementite (dark phase). Figure 2.7c displays highly
deformed ferrite grains and a preferential grain boundary distribution of the carbides
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Fig. 2.8 Schematic diagram showing approximate temperature ranges for different annealing
processes superimposed on the partial Fe-Fe3C phase diagram [22]

along the rolling direction. Not only have the elongated grains increased the total
grain boundary area; there is also an accumulation of dislocations within the grains.
The sum of the energy of all the new interfaces and all the dislocations represents the
stored energy of deformation. The release of this stored energy provides the driving
force for recovery and recrystallization during the subsequent annealing process,
and the nature of the deformed microstructure controls the development, growth,
and orientation of the nuclei which will become recrystallized grains.

Cold rolling products are divided based on formability. Full-hard products can
be bent up to 45◦, while half-hard and quarter-hard can be bent up to 90◦ and
180o, respectively. In the case of half- and quarter-hard products, the purpose of
cold rolling is to further reduce strip thickness, improve dimensional tolerance,
and increase both the yield and tensile strength of high strength low alloy steel
for automobile applications. As an example, HSLA Gr80 is cold reduced 45%
to meet 700B specification (100 ksi or 700 MPa yield strength) [20]. Due to
the lack of formability, cold rolled full-hard strips find very limited commercial
applications. A notable exception is full-hard carbon steel, which is utilized in
strapping applications. Carbon steel (0.17–0.33 C wt.%), for example, is reduced by
50–60% to meet SAE J403 1017 full-hard strapping [21]. To restore the formability,
most full-hard strips are submitted to annealing or otherwise heat treated in order to
meet different mechanical and magnetic specifications.
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2.7.2 Basic Metallurgical Aspects of Annealing

The cold rolled material is annealed to recover the ductility and achieve the final
properties and microstructures required by the customer. The annealing process
consists of heating to a designed temperature, soaking at the designed temperature,
and cooling. Figure 2.8 shows the different annealing processes used at a cold mill
complex, superimposed on the Fe-C phase diagram [22]. Based on the full-hard
strip chemistry and soaking temperature, the annealing process is divided into the
following subgroups: (1) full annealing, (2) intercritical annealing, (3) recrystal-
lization (subcritical) annealing, and (4) stress-relief annealing. Full annealing, i.e.,
annealing above Ac3 with full austenite formation, is used to produce martensitic
steel (MS) and complex-phase (CP) steel and involves the austenite transforming
to martensite or bainite during fast cooling or quenching. Intercritical annealing,
i.e., heating between the Ac1 and Ac3 temperatures to produce a small percentage
of austenite within the ferrite matrix, is employed to produce dual-phase (DP)
and transformation-induced plasticity (TRIP) steels. Recrystallization annealing,
i.e., annealing below Ac1 temperatures without austenite transformation, is usually
utilized to produce formable recrystallized or partially recrystallized steels with
ferritic microstructure. Stress-relief annealing is used to restore a certain degree
of formability for cold rolled products, and generally there is no recrystallization
during reheating and cooling. These annealing processes, which are associated with
different products, will be discussed in the next sections on batch annealing and
continuous annealing.

Annealing is accomplished by either a batch annealing process or continuous
annealing process. In both cases, one must consider the recovery and recrystal-
lization of the cold-deformed microstructure. The main difference is the additional
time available for microstructure evolution during batch annealing compared to
continuous annealing.

2.7.3 Batch Annealing

Batch annealing is usually performed at a subcritical temperature, below Ac1, which
is below ~725 ◦C for low carbon steel. Figure 2.9 shows a typical single-stack gas-
fired annealing furnace, on the left, and a multi-stack annealing furnace, on the right
[23]. In the batch process, the cold-reduced strip coils are stacked on top of each
other on fixed bases in a bell-type furnace. The space between the inner cover and
the furnace is heated by natural gas/air combustion. Mixture of 5% H2 and 95% N2
or 100% H2 (by volume) is fan circulated inside the cover to transfer the heat to
the coils. After soaking, the above gas is cooled by a heat exchanger to speed up the
cooling step. An example of batch annealing products is the electrical steels used for
motors, transformers, and generators. These are annealed in a multi-stack annealing
furnace. Electrical heating is used for the furnace, and pure hydrogen is used as the
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Coil 1 Coil 1 Coil 1 Coil 1

Coil 1 Coil 1 Coil 1 Coil 1

Inner covers Furnace

H2

Fig. 2.9 Single-stack annealing furnace (left) and multi-stack annealing furnace (right) [23]

gas in contact with the coils in order to maintain cleanliness and eliminate carbon
and nitrogen pickup [24].

Batch annealing processing has been widely applied in producing interstitial
free (IF) steels, ultra-low carbon steels, low carbon steels, and HSLA steels for
automotive, structural, and appliance industries. In these examples, the aim of
the batch annealing process is to lower the hardness and increase ductility and
formability.

It is important to keep in mind that batch annealing is characterized by slow
heating and cooling rates and very long soak time. A full batch annealing cycle
could take days to complete. In addition, the outer surfaces of the coil, referred to
as hot spots, are heated faster and achieve the designed annealing temperature in a
shorter time as compared to the inner core of the coil, commonly referred to as a
cold spot. Such thermal lag during heating results in a variation in microstructure
and mechanical properties within a coil. In addition, due to the axial temperature
variation along the furnace from the bottom to top, there is the potential for coil-to-
coil variations in their microstructure and mechanical properties [25].

To improve productivity and eliminate mechanical property variations, as well as
to produce different advanced high strength steels for automobile applications, great
efforts have been put into the development of continuous annealing, and a variety of
continuous annealing lines have appeared, worldwide, since the first application of
continuous annealing was used to produce hot-dip galvanized sheet in 1936 [26].

2.7.4 Continuous Annealing

A typical continuous annealing line (Fig. 2.10) contains entry-side equipment, the
furnace section, and the exit-side equipment [27]. The main entry-side equipment
comprises an un-coiler, a welder, an electrolytic cleaning tank, and an entry
accumulator. The furnace section comprises a heating zone, a soaking zone, and
a cooling zone. The cooling zone is divided into different sub-zones based on the
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Fig. 2.10 Schematic drawing of continuous annealing line process section [27]

Fig. 2.11 Temperature-time processing schedules for cold rolled and annealed sheet steels.
Continuous and batch annealing are schematically compared, and full and intercritical annealing
temperatures used to produce advanced high strength steels are indicated (Adapted from [28])

line design. The exit equipment comprises an exit accumulator, shears, and coilers.
To impart the required levels of hardness, evenness, and surface finish to the steel,
it may be linked to a temper rolling mill or other equipment, such as a galvanizing
line, as part of a larger combined continuous line. A controlled mixture of H2 and
N2 (5 vol.% H2 and 95 vol.% N2), and sometimes pure hydrogen (100 vol.% H2), is
used inside the furnace to prevent the oxidation of the strip. The furnaces themselves
are sealed gas tight, and each of them is maintained under slight positive pressure.
The operation of the continuous annealing lines can be different based on desired
products and the line design.

The annealing cycles applied to cold-reduced strips by continuous annealing
differ from product to product. Figure 2.11 shows different annealing cycles that
can be applied to produce cold rolled and annealed steel strip. Annealing to produce
formable recrystallized ferritic structures is accomplished by subcritical annealing
with different overaging steps. On the other hand, DP and TRIP steels are subjected
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to intercritical annealing. Martensitic (MS), multiphase (MP), and some third-
generation advanced high strength steels, such as quenched and partitioned (Q&P)
steels, are subjected to full or intercritical annealing with different cooling rates
(water, nitrogen, or hydrogen quenching) and different overaging steps.

To avoid coarse carbides, which form at high batch annealing temperatures
and damage the formability, the batch annealing soaking temperature is usually
limited to about 700–730 ◦C, which is close to the A1 equilibrium temperature.
The very slow cooling in batch annealing results in near complete precipitation
of carbon once the furnace cools down to room temperature. In contrast, it takes
only a few minutes to complete the total annealing cycle during the continuous
process; the single strip strand is heated to the designed annealing temperature
very quickly, the soak time is very short, and the cooling rate is rapid. This rapid
and non-equilibrium cooling during continuous annealing inhibits the complete
precipitation of carbon from the ferrite solid solution, and therefore, overaging
at an intermediate temperature is required to promote such precipitation. Without
overaging after rapid cooling, strain aging would impair the ductility and formability
of the steel strip. Therefore, to minimize the deleterious effects of potential strain
aging on ductility and formability, it is important to control the cooling rates and
overaging temperature for different products. In addition, it is necessary to couple
these process parameters with the design of the steel chemistry in order to keep
carbon in solid solution. For example, titanium and niobium are added in aluminum-
killed continuously annealed steels to combine with the residual carbon (IF Steels).

2.7.5 Products Processed by Cold Rolling and Annealing

Low Carbon Steel for Commercial and Drawing Quality Applications Generally
low carbon steels may be considered to contain less than 0.1 wt.% carbon, and
manganese in the range of 0.20–0.50 wt.%. In some cases, the steels may be
aluminum-killed. Low carbon steels are widely made into hot rolled or cold rolled
commercial quality (CQ) and drawing quality (DQ), semi-killed (SK) sheet and
tin mill products. The hot rolled gauge can be rolled to 1.0 mm on some mini-
mill operations. In comparison, cold rolled and annealed products routinely achieve
a gauge of less than 0.4 mm with tighter gauge tolerance and improved shape
control. Normally the hot band is reduced 50–70%, and the annealing temperature
is between 560 and 600 ◦C for CQ applications and 600 and 700 ◦C for DQ
applications. Commercially, both batch and continuous annealing are used to anneal
cold rolled low carbon steels. However, during continuous annealing, it is essential
to overage the ferrite microstructure to promote coarse carbide precipitation and
remove free carbon from solid solution to improve formability for DQ products.
Typical steel strip for CQ applications would have a yield strength between 140 MPa
and 275 MPa and elongation of at least 30%. DQ applications target a yield strength
between 150 MPa and 240 MPa, a total elongation of at least 36%, as well as a



52 H. Azizi et al.

Table 2.3 Typical chemical composition ranges of low carbon aluminum-killed steel (wt.%) [29]

C Mn Si P S O Al N

Min 0.03 0.15 0.01 0.01 0.008 0.0026 0.018 0.001
Max 0.05 0.28 0.02 0.02 0.020 0.0051 0.100 0.005

strain hardening exponent (n values) value in the range of 0.17–0.22 and a normal
anisotropy parameter (r value) value between 1.3 and 1.7.

Low Carbon Aluminum-Killed Steel for Deep Drawing Quality Applications Low
carbon aluminum-killed steels are known for their excellent formability which is
achieved through a cold rolling and annealing process and are extensively used
for deep drawing quality (DDQ) applications such as automotive bodies. A typical
chemical composition of a low carbon aluminum-killed steel is shown in Table 2.3
[29]. To keep aluminum and nitrogen in solid solution, the finishing hot rolling
temperature should be around 890 ◦C; in addition, to prevent aluminum nitride
precipitation in ferrite, low coiling temperatures around 580 ◦C are recommended.
These conditions allow aluminum and nitrogen to stay in supersaturated solid
solution during cold rolling. In the subsequent annealing process, the precipitates
of aluminum nitride (AlN) retard recrystallization and slow down the nucleation of
ferrite grains with randomly orientated crystal orientations. Thus, the nucleation and
growth of ferrite grains with {111} planes parallel to the rolling plane are favored
leading to (111) [110] texture. This texture is an important property in steel sheets
as it induces plastic anisotropy that can be beneficial to the drawability of the steel.

The anisotropy is normally measured in terms of the r value, which is the ratio
of true width strain to true thickness strain that is determined by standard tensile
testing. Since the r value varies with respect to rolling direction of the sample, an
average of r values is calculated, which is expressed as:

rm = 1

4
(ro + 2r45 + r90) (2.1)

where ro is the r value determined in specimens aligned in the rolling direction,
r45 is the r value at 45◦ to the rolling direction, and r90 is the r value in the sheet
transverse direction. Isotropic steels have an rm value around 1. Typically, low
carbon aluminum-killed steels have rm values between 1.5 and 1.8 after cold rolling
and annealing. According to ASTM A1008 standard, the rm range for cold rolled
steel sheet designation DDQ requires values between 1.4 and 1.8. Steels having
high rm values indicate excellent drawability. Good drawability also diminishes the
edge splitting tendency during hole expansion tests.

Interstitial Free (IF) Steels Interstitial free (IF) steels with very low carbon and
nitrogen in solution exhibit excellent ductility and high n values and, when cold
rolled and annealed, give high rm values ranging from 1.8 to 2.2 [30]. Therefore,
they are widely used for extra deep drawing (EDDQ) and combined drawing
and stretching applications. The chemical composition of a typical IF steel is
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Table 2.4 Chemical composition ranges of IF steel (wt.%) [30]

C Mn Si P S Ti Nb Al N

Min 0.002 0.10 0.01 0.01 0.004 0.01 0.005 0.03 0.001
Max 0.008 0.34 0.03 0.02 0.010 0.11 0.040 0.07 0.005

Table 2.5 Typical composition used for cold rolled and annealed HSLA steels (wt.%) [32]

C Mn Si P S Nb Al

Grade 50 Min 0.04 0.60 0.15 – – 0.020 0.030
Max 0.07 0.80 0.25 0.01 0.008 0.040 0.070

Grade 60 Min 0.07 0.70 0.20 – – 0.040 0.030
Max 0.10 0.90 0.30 0.01 0.008 0.060 0.070

listed in Table 2.4 [30]. IF steels should be aluminum-killed to ensure the oxygen
level is less than 70 ppm, and titanium and niobium are added to further remove
carbon and nitrogen from solid solution through the precipitation of carbides and
nitrides. During the hot rolling process, the finishing temperature should be above
the transformation temperature (890 ◦C), and the coiling temperature should be
above 650 ◦C to ensure that all precipitations are on a coarse scale in order to
minimize the carbon and nitrogen in the ferrite matrix [31]. Due to their very
low carbon content, IF steels can be annealed at high temperatures from 800 to
850 ◦C in the single ferrite phase field, and this high annealing temperature can
promote recrystallization. Thus, cold rolled and annealed IF steels have very strong
(111) [111] recrystallization texture and high r values. However, IF steels have
low strength and poor dent resistance when applied to outer panels. Generally,
two strengthening approaches are used to increase the strength: solid solution
strengthening and bake hardening.

High-Strength Low-Alloy (HSLA) Steel The minimum yield strength of hot rolled
HSLA steel is in the range of 45–100 ksi (310–690 MPa). The yield strength of
HSLA steels is derived from several strengthening mechanisms, which include solid
solution strengthening, precipitation strengthening, transformation strengthening,
dislocation hardening, and grain size refinement. Solid solution strengthening is
introduced by substitutional and/or interstitial alloy elements such as Mn, Mo, Cr,
Ni, Si, N, and C; however, in order to improve formability and weldability, C con-
centration is usually restricted to 0.10 wt.% maximum. Precipitation strengthening
is realized by the addition of V, Nb, and/or Ti in combination with C and N to
form complex precipitates, namely, V(C,N), Ti(N,C), and Nb(N,C). Transformation
strengthening is achieved by controlling the cooling rate during the austenite to
ferrite transformation to obtain low-temperature transformation products such as
acicular ferrite, pearlite, bainite, and even very small volume fraction of martensite
(<3%). Dislocation hardening is accomplished by an increase in the dislocation
density, through hot work or cold work. Additional strengthening can be achieved
through grain refinement by careful control of recrystallization and grain growth
[9]. Typical composition ranges used for cold rolled and annealed HSLA steels are
present in Table 2.5 [32].
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In the processing of cold rolled HSLA steels, subsequent annealing would
reduce the precipitation strengthening effects, and it is difficult to exceed 50 ksi (~
345 MPa) yield strength in batch annealing and 60 ksi (~ 415 MPa) in continuous
annealing [33]. For batch annealed HSLA grades, the hot band strength should be
about 10–15 ksi (~ 70–105 MPa) higher than that required in the final cold rolled
and annealed condition, while for the continuous annealing process, the strength of
the hot band should be 5–10 ksi (~ 35–70 MPa) higher than that required in the final
product. To retain the strength, recovery or non-recrystallization annealing, where
a high dislocation density survives the annealing process, might be used. For an
HSLA 0.12 C-0.04 Nb-0.04 V (wt.%) steel, the yield strength can be 85–135 ksi (~
595–945 MPa) when it is annealed at 600 ◦C and 500 ◦C, respectively. The trade-off
is that this low-temperature annealing leads to lower formability and ductility.

Another important factor that should be considered for processing cold rolled and
annealed HSLA steels is the desire to minimize the mechanical property variation
along the coil’s length. The continuous annealing process is more suitable than
that of batch annealing for producing uniform HSLA steel sheet. Furthermore, the
alloy design also plays a role in the property variation. For example, it has been
known since the early 1980s that titanium microalloyed steels were more difficult
to recrystallize and had larger property variations than niobium steels. It is for this
reason that HSLA steels with Ti additions are rarely processed by batch annealing
[34].

Electrical Steels Electrical steels are Fe-Si alloys which are used for generators
and motors. These steels are discussed in detail in Chap. 12. There are two types of
electrical steels: grain-oriented electrical steels (GOES) and non-oriented electrical
steels (NOES). GOES have much better power and permeability properties in the
direction of rolling than they do at 90◦ to this direction. GOES are based on Fe-Si
alloys with 3.0–3.5 wt.% of Si. They are characterized by excellent magnetization
behavior and low values of specific magnetic losses along one direction (i.e., the
rolling direction). The thickness of the grain-oriented electrical steels is typically
in the range of 0.23–0.35 mm. The non-oriented electrical steels (NOES) have
magnetic properties that are practically the same in any direction in the plane of
the material. They are the most used material among all soft magnetic materials.
Non-oriented electrical steels consist of Fe-Si steels with 3.0–3.2 wt.% of Si. The
thickness of the fully processed material is in the range of 0.35–0.65 mm, although
recently reductions lower than 0.35 mm have been achieved. Due to the intricacies
of developing adequate magnetic properties, GOES are produced fully processed.
NOES are either fully processed or semi-processed.

The essential requirements for electrical steels are easy magnetization (high
magnetic permeability), low hysteresis loss, and low eddy current loss. Easy
magnetization and low hysteresis are controlled by chemical composition, grain
orientation, and purity. Si increases the volume resistivity of the steel and thereby
reduces the core loss and increases the magnetic flux density; however, high Si
alloys are brittle and cannot be cold rolled. High magnetic permeability is found
in the <100> direction in which the steel strip has been rolled. This is called

http://dx.doi.org/10.1007/978-3-030-53825-5_12
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Fig. 2.12 Outline of two-stage cold rolling method for producing GOES

Goss orientation {110}<001>. Eddy current loss can be reduced by decreasing the
electrical conductivity of the material and by laminating the material. It would also
be desirable to have the smallest possible domain size and maximum domain wall
mobility to reduce anomalous loss [35].

To develop a strong {110}<001> texture, provisions must be made for the
nucleation of {110}<001> grains, these grains must be able to grow, and grains of
other orientations must not grow. Figure 2.12 shows a two-stage cold rolling method
to process GOES.

During the hot rolling process, the desired Goss {110}<001> orientation first
appears as a friction-induced shear texture near and at the strip surface. However,
in the second step of the cold rolling process, most of Goss {110}<001> orientation
would be lost and would be replaced by {112}<110> and {111}<110> orientation
textures. The employment of two stages of light cold rolling assures that even though
{112}<110> and {111}<110> orientation textures are produced, their presence is
still under control. In addition, the Goss {110}<001> orientations are still surviving
at the centers of the transition bands which are separating from the above two
orientations. In this kind of texture arrangement, {110}<001> orientated grains tend
to nucleate and grow in the annealing texture after the subsequent decarburizing
anneal. These {110}<001> orientated grains are larger than those of the other
orientations, and they can grow through the abnormal grain growth to dominate
the final texture during the final texture annealing [36]. The imperative conditions
for Goss {110}<001> orientation grain growth are provided by both process
and microstructural control. Before hot rolling, a fine manganese sulfide (MnS)
dispersion is precipitated during the rapid slab cooling. These fine particles can
retard normal grain growth, keeping the matrix grain size uniform and small during
the early stages of high-temperature annealing. During the final texture annealing
process, the dissolution of these fine MnS particles will lead to the unpinning of
some grains, which will then consume the original fine grains by an abnormal
grain growth process; thus, the desired Goss-oriented grains will grow and dominate
the final microstructure. Abnormal grain growth is also promoted by the presence
of a sharp texture. The possibility of generating undesirable orientations through
surface nucleation processes is eliminated by the addition of sulfur to the MgO
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Table 2.6 Primary cooling rates associated with different cooling media used in continuous
annealing lines [28]

Cooling
media

Gas jet
cooling

Boiling
water

Roll
cooling

Gas water
spray

H2
quenching

Cold water
quenching

Cooling
rate, oC/s

5–50 25–150 80–150 80–300 150–250 >1000

surface coating. This prevents the growth of surface grains, and the sulfide formed
is eventually lost by reaction with the hydrogen atmosphere during annealing.

Among NOES, cold roll magnetic lamination quality (CRMLQ) steel is used to
replace the more expensive silicon steels. CRMLQ steel is sold as batch annealed
and heavily temper rolled, with around 4–8% extension, so that the customer
can develop the required texture during annealing, after stamping out the motor
laminations. These steels have very low C and high P and may have up to 0.5 wt.%
Si. The low C, S, and N levels are important to minimize the precipitation of
any fine particles in the microstructure that can retard grain growth during final
critical annealing at the customer’s facilities. The control of Al and N is especially
critical because solubility products of AlN above 2×10−5 are detrimental to the
final magnetic properties.

Advanced High Strength Steels (AHSS) First-generation advanced high strength
steels, such as DP, TRIP, MS, and MP, and third-generation AHSS, such as quenched
and partitioned steels, can be produced using modern continuous annealing lines
by employing different cooling rates during the primary cooling stage, different
overaging treatments, and in most cases temper rolling processes. The continuous
annealing lines differ essentially in the cooling media used when cooling from
the annealed soaking temperature. Table 2.6 [28] summarizes the different cooling
media used and the associated cooling rates. Different grades of AHSS are reheated
at or above the intercritical annealing temperature, quenched at different cooling
rates, and tempered at different temperatures to achieve different austenite, ferrite,
bainite, and martensite microstructure combinations so that they can meet different
specifications. The metallurgical and process design of different AHSS grades is
reviewed in Sect. 4.2. AHSS will be discussed in Chap. 4 of this book.

2.7.6 Galvanizing

Thin and lighter weight sheet steel grades that are used for automotive panel
applications are usually aluminum or zinc coated and offer outstanding corrosion
protection. If a zinc coating is used, the coating is often applied as a hot-
dip galvanized or hot-dip galvannealed coating. Galvannealed steel goes through
additional annealing processing after hot dipping which greatly improves the forma-
bility and paint adhesion. Modern continuous hot-dip galvanizing lines are usually

http://dx.doi.org/10.1007/978-3-030-53825-5_4
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Fig. 2.13 Outline of hot-dip galvanizing line [37]

incorporated in the continuous annealing line prior to the overaging treatment.
Figure 2.13 [37] shows the outline of a modern continuous hot-dip galvanizing
process. The cold-reduced steel sheet is uncoiled and laser welded to the tail end
of the coil ahead of it in the processing line. Then it is cleaned in a cleaning
process unit. After cleaning and drying, the strip passes into the high-temperature
annealing furnace where it is annealed as a full-hard strip based on the steel grade.
In the annealing furnace, the strip is maintained under a reducing gas atmosphere
to remove any oxide on the steel surface. Leaving the annealing furnace, the strip
passes through the coating bath, and a set of gas knives are used to wipe off excess
molten metal and obtain the required coating weight. The coating is then cooled to
allow the metal to freeze on the steel surface. Galvannealed strip is produced from
galvanized strip by reheating the coated sheet above the wiping knives in order to
alloy the zinc-coated surface with the iron in the steel. Once the strip cools down to
room temperature, it feeds into the exit-end equipment, which includes the temper
mill, the tension leveler, and the chemical treatment section, and then is recoiled on
an exit-end mandrel.

Most of the cold rolled annealed steels, including low carbon CQ, DQ, low
carbon aluminum-killed DDQ, IF, EDDQ, HSLA steels, and AHSS, can be
coated by using a continuous hot-dip galvanizing process. An example of the
temperature profile for CQ, HSLA (50 ksi), and EDDQ steels during the hot-dip
galvanizing process is shown in Fig. 2.14. Usually hot bridles are used following
the heating/soaking zone to provide tension control to minimize shape distortion and
maintain the low-tension operation necessary for EDDQ steels. To produce AHSS,
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Fig. 2.14 Typical heating and cooling profiles for CQ, HSLA (50 ksi), and EDDQ steels in the
hot-dip galvanizing process

a rapid jet cooler is required to cool the strip. The required cooling rate depends on
chemical composition and for some grades could reach up to 60 ◦C/s.

2.8 Process-Structure-Properties Relationships

AHSS are considered the dominant future light weighting material options for
automobiles to meet the stringent fuel efficiency and carbon emissions targets in
the coming years. Development concepts for the different product classifications
of automotive steels are based on the strengthening mechanism employed to get
the desired strength level. The increased strength typically leads to an inverse
relationship with ductility, which in turn determines the ability of the metal
to be formed. The new generation of AHSS are characterized by the distinct
microstructural approaches used to obtain the unique strength-ductility balance to
satisfy the required design characteristics of modern automakers.

Mechanical properties are defined by the microstructure that is formed during
processing of the steel and are affected by the amount and distribution of microstruc-
tural constituents and the presence of imperfections such as solutes, precipitates,
inclusions, dislocations, and grain boundaries. Phase transformations contribute
to strengthening through the coexistence of different microstructural constituents
whose individual mechanical behaviors, along with their mutual interaction, could
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Fig. 2.15 Interaction between chemical composition, processing parameters, and final properties

give superior strength-ductility balance. It is well-known that microstructures are
often, if not always, complex and heterogeneous in nature. Proper control of those
multiphase microstructures through alloying systems and processing can enhance
the final mechanical properties of steels and satisfy the complicated requirements
of automotive customers. For example, the requirement for adequate coating needs
to be considered during alloy design, in addition to meeting the specific mechanical
properties requirements, such as hole expansion, bendability, resistance to delayed
fracture, etc.

Figure 2.15 shows how chemical composition and subsequent processing
strongly affect the final microstructure and, through that, the final mechanical
properties of the steel. Each step of the manufacturing process is affecting the
following step and, through this complex interaction, affecting the final mechanical
properties. For example, the microstructure and properties of steel after hot rolling
influence the capability of the steel to undergo cold rolling and influence the kinetics
of austenitization during the following heat treatment.

2.8.1 Processing of AHSS for Automotive

Several definitions of steel classes have been developed. The American Iron and
Steel Institute (AISI) and the International Ultra-Light Steel Auto Body Consortium
(ULSAB) defined the strength level for steel classification [38]. The accepted
practice involves specification of both yield strength (YS) and ultimate tensile
strength (UTS). For example, AHSS classification designates that the steel has
a minimum yield strength of 80 ksi /550 MPa and a minimum ultimate tensile
strength of 100 ksi/700 MPa. AHSS derive their properties from a multiphase
complex microstructure of different phases: ferrite, bainite, martensite, and retained
austenite. As opposed to the conventional steels, where ductility decreases with
increasing strength, AHSS can combine both high strength and ductility. In Fig.
2.16 [39], the families of AHSS are shown with respect to the strength-ductility
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Fig. 2.16 Strength-elongation relationship for various families of steel [39]

combination. AHSS can be divided into three generations. The first generation of
AHSS includes four high strength grades that were developed decades ago and are
fully commercialized: dual-phase (DP) steels, complex-phase or multiphase (CP)
steels, transformation-induced plasticity (TRIP) steels, and martensitic steels.

2.8.2 Dual-Phase Steels

The microstructure of DP steels is composed of a soft ferrite matrix and 10–70%
volume fraction of hard martensite islands. Figure 2.17a and b shows examples of
nonuniformly distributed and uniformly distributed martensite islands, respectively,
within the ferrite matrix of a DP steel. The ultimate strength ranges from 500 to
1200 MPa depending on the volume fraction of martensite [40]. The ductility of
DP steels is determined by the volume fraction of the ferrite phase, its size, and its
distribution. For some applications, for example, the presence of a small volume
fraction of bainitic constituent in addition to the martensitic one is desirable, if the
higher level of YS or hole expansion ratio (HER) is required.

The distinctive features of DP steels are:

• Continuous yielding behavior
• Low YS/UTS ratio (<0.6) and high strain hardening (high n value >0.2)
• Wide range of strength from 500 to 1200 MPa
• Improved balance of strength and ductility
• No room temperature aging
• High bake hardenability (BH0 and BH2) values

Typical properties of commercially produced DP grades are presented in
Fig. 2.18 [41]. To achieve the unique combination of mechanical properties for
DP steel, the following alloying elements are required [42]: 0.05–0.15 wt.% C;
1.0–2.5 wt.% Mn; up to 0.4 wt.% Cr and/or Mo to improve the hardenability of
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Fig. 2.17 Typical microstructure of DP780 steel with different martensite morphologies: (a)
nonuniform morphology, (b) uniform necklace morphology, typically resulting in improved
ductility. Scanning electron microscope (SEM) images. Etch: 2% Nital

Fig. 2.18 Typical
engineering stress-strain
curves for DP steels
commercially available in the
market [41]

the steel and strengthen the ferrite; 0.3–0.7 wt.% Si to strengthen the ferrite; small
(<0.10 wt.%) additions of Nb, Ti, and/or V to refine the microstructure; and up to
20 ppm B, to suppress ferrite formation, if needed.

Dual-phase steels with ferrite-martensite microstructure can be obtained by
thermomechanical processing, either during hot rolling or after annealing of cold
rolled sheets. The microstructure of the most common commercial DP hot rolled
grade with 600 MPa strength contains up to 80% of ferrite, which is formed during
cooling of the strip on the runout table. The remaining austenite transforms to
martensite during coil cooling due to the high hardenability of austenite which
has a high carbon content as a result of ferrite formation and appropriate alloying
additions [43]. Several works have demonstrated that deformation accelerates the
nucleation of ferrite. When the deformed microstructure is combined with austenite
grain refinement and low carbon content, it is sometimes difficult to avoid the ferritic
constituent in the microstructure, even when it is not desirable [44].

The modern mill construction is equipped with a powerful cooling system on
the runout table that is capable of interrupted controllable cooling which allows
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Fig. 2.19 Continuous annealing cycles to achieve dual-phase microstructure (dash lines, avoidable
transformation; solid lines, preferable transformation): (a) direct with water quench; (b) with
isothermal holding after cooling; (c) coating lines

one to manipulate the phase transformation of austenite to achieve the required
microstructure in the final hot rolled product.

The dual-phase microstructure could be achieved in cold rolled product after
batch annealing for steels with a high amount of Mn (>2.5 wt.%) [45]; however,
the most cost-efficient method is annealing in continuous annealing lines (CAL).
This can be accomplished with direct quenching to room temperature (CAL) or
with isothermal holding (CAPL) above martensite start temperature (Ms) [46] and
at hot-dip coating lines (HDCGL). The types of continuous annealing with the
corresponding phase transformation of austenite can be seen in Fig. 2.19.

During continuous annealing, the sheet is heated to the dual-phase region to
achieve the required volume fraction of ferrite and austenite. Alternatively, it
could be heated to the fully austenitic region, and then the ferrite can be formed
instead during an appropriate slow cooling step. It should be mentioned that the
morphology of the microstructural constituents after cooling differs in both cases.
To obtain a dual-phase ferrite-martensite structure, the alloying system of the steel
should be chosen while considering the following processing parameters: soaking
temperature, holding time, and cooling rate of the applicable annealing line.

2.8.3 TRIP Steels

The transformation-induced plasticity (TRIP) effect was discovered in stainless
steels in the 1960s, but real commercialization began only recently [47]. The TRIP
effect refers to a deformation mechanism where metastable austenite of high carbon
content so-called retained austenite (RA) transforms to martensite during plastic
deformation at room temperature and results in a steel with excellent formability
combined with high strength. TRIP steels are used for applications requiring high
crash energy absorption. The typical properties of commercially produced grades
are plotted in Fig. 2.20 [41].
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Fig. 2.20 Typical
engineering stress-strain
curves of commercially
produced TRIP steels

Fig. 2.21 Typical structure of TRIP steel: dark brown, bainite; light brown, ferrite; yellow, RA.
Etch: color etching

The excellent combination of strength and ductility in TRIP steels is a result of
the unique microstructural components present: metastable retained austenite (RA),
carbide-free bainite, martensite, and ferrite. The typical microstructure of a TRIP
steel is shown in Fig. 2.21. Depending on the strength required, the proportion
of different microstructural components can be different, but the key point of the
TRIP concept is the presence of metastable RA at room temperature. Therefore, the
chemical composition and processing parameters are aligned toward achievement
of high carbon content in retained austenite.
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The carbon content in TRIP steels can vary from 0.1 to 0.4 wt.% with typical
commercial content around 0.2 wt.%. The presence of high levels of Si and/or Al
(>1 wt.%) is necessary to prevent carbide formation during the bainitic reaction,
which is desirable as this promotes the enrichment of carbon to retained austenite.
A high content of Si is typically used for cold rolled, non-coated versions of TRIP
products, and high Al or Al-Si combinations are used for coated TRIP steels due to
the damaging effect of Si on coating quality in high Si steels.

TRIP steels can be produced as a hot rolled product or as a cold rolled
product after continuous annealing. Hot rolled TRIP steels typically undergo heavy
reductions at low finishing temperatures close to Ac3 in order to promote ferrite
formation, which is followed by rapid cooling to the coiling temperature located in
bainitic transformation temperature region. Optimization of the coiling temperature
depends on the chemical composition of the steel and the capability of the mill
to control phase transformation of austenite to ferrite and bainite, targeting a high
volume fraction of RA with a high carbon content [48].

Cold rolled TRIP steels are produced in continuous annealing lines (CAPL)
with the presence of an isothermal holding section or in hot-dip galvanizing lines
equipped with an equalizing section of adequate length needed for bainite formation.
The phase transformation happening during continuous annealing in TRIP steel is
described in Fig. 2.22. To achieve the desired microstructure of ferrite, carbide-free
bainite, and metastable retained austenite, the Ms should be below room temperature
or at least below the isothermal holding temperature. Carbon is the main factor in
decreasing Ms. The formation of pearlite during cooling should be prevented by
using a faster cooling rate when cooling into the isothermal holding section; this

Fig. 2.22 Schematic presentation of phase transformation during continuous annealing of TRIP
steels
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allows carbide-free bainite to form and consequently results in the formation of
high carbon RA. The temperature and time for isothermal holding, which defines
the volume fraction of formed bainite, are key parameters for the carbon enrichment
in RA.

2.8.4 Complex-Phase Steels

The microstructure of DP and TRIP steels, which are characterized by a com-
bination of high strength and ductility, reveals some shortcomings, such as high
sensitivity to edge fracture and low HER. The presence of a soft phase and a
hard phase in the dual-phase structure, which is responsible for the typical features
of DP steels, is a major factor contributing to local stresses and the damage
occurring during punching holes. To overcome the low flangeability of DP steels,
the microstructure can be changed to reduce the differences between the soft
and hard structural constituents [42]. This is done by softening the martensite
through reduced carbon content and/or tempering, reducing the volume fraction of
martensite, replacing ferrite with bainite, and strengthening of ferrite by Si, small
precipitates, and/or grain refinement. Reducing the fraction of soft constituents in
CP steels results in a high YS, a high YS to UTS ratio, a low level of ductility, but
higher value of HER. The typical properties of CP grades are shown in Fig. 2.23
[41].

Numerous reports have demonstrated the critical role of microstructure homo-
geneity in the improvement of HER [49, 50]. The replacement of ferrite and
martensite by bainite can be achieved by the proper combination of alloying
elements and processing parameters. The most effective element at suppressing
ferrite formation from austenite is boron [51]. Mo and, to a lesser extent, Cr are also
well-known for suppressing ferrite formation. In general, an increase in C content

Fig. 2.23 Typical
engineering stress-strain
curves of commercially
produced CP steels [41]
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Fig. 2.24 Typical bainitic
microstructure of CP1000
steel. SEM micrograph; Etch
condition: 2% Nital

increases the hardenability of austenite, promoting martensite formation, but, due
to the non-homogeneous distribution of carbon in austenite, the effect of alloying
elements could be more complicated. For example, Nb has been shown, on the one
hand, to accelerate ferrite and delay bainite formation and on the other hand to
promote a more homogeneous structure due to strong grain refinement. A typical
microstructure of CP1000 steel is shown in Fig. 2.24.

Processing parameters play another important role for the achievement of a
homogeneous structure with low local stresses. Hot rolled CP steels are produced
using thermomechanical processing that focuses on the replacement of martensite
by bainite or high strength refined ferrite. The most important processing parameters
for CP steels are the reheating temperature, runout table cooling rate, and coiling
temperature. The reheating temperature is responsible for the type and size of
precipitates strengthening the ferrite. The runout table cooling rate determines the
volume fraction of ferrite formed, and the coiling temperature impacts the size of
precipitates. For cold rolled CP steels, that are processed in a continuous annealing
line, a high soaking temperature close to Ac3 and a high cooling rate, to prevent
ferritic transformation from austenite, are key annealing parameters. The type of
bainite formed during cooling or isothermal holding in continuous annealing lines
determines the final mechanical properties. For example, it is well-known that TRIP
steels featuring the isothermal formation of carbide-containing bainite exhibit low
levels of hole expansion ratio [52].

2.8.5 Martensitic Sheet Steels

Martensitic steels are the strongest group of AHSS, featuring both a high UTS and
a high YS to UTS ratio. The engineering stress-strain curves of commercially avail-
able martensitic steels are shown in Fig. 2.25 [41]. The microstructure of martensitic
steels consists of more than 85% of martensite. The strength is controlled mostly
by carbon content, but some alloying elements such as Mn, Cr, Si, and Mo can
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Fig. 2.25 Typical
engineering stress-strain
curves of commercially
produced martensitic steels
[41]

also be added to achieve the required strength during processing and to affect
other properties such as ductility, bendability, and delayed fracture. The strength
of modern martensitic steels ranges from 750 MPa up to 2000 MPa, with total
elongation ranging from 3% to 15%.

Martensitic steels can be produced as hot rolled and cold rolled steels in a
continuous annealing line, and their microstructures are created as a result of
austenite transformation to martensite during cooling. The alloying system should
be adjusted to accommodate the cooling capability of the processing mill or line.
The processing of martensitic grades in hot rolling mills requires fast cooling after
the last finishing stand to temperatures below the Ms temperature to prevent or
minimize pearlite, ferrite, and/or bainite formation. Martensite formed on the runout
table undergoes tempering during the coiling process, and therefore, the coiling
temperature should be optimized with respect to Ms and tempering temperatures.

The cycle of a typical annealing line with water quench capability used for
martensitic grades is shown in Fig. 2.19a. One of the key processing requirements
for martensitic grades is that annealing is performed in the fully austenitic region
with a soaking temperature above the Ac3. Another important parameter is the
cooling capability of the line, which in turn determines the alloying elements in
martensitic grades which can be produced in the line. The third key component is the
tempering step that is required mostly for any martensitic product to regain ductility,
as martensite is such a brittle microstructural component. Improved ductility
through the tempering process is a result of stress relief and carbide formation. The
final strength and ductility depend on the applied tempering temperature.

The high UTS and typically low ductility of martensitic steels restrict their uti-
lization in automotive structural parts. To overcome the low ductility of martensitic
steels and to stamp parts of complex shape without cracks and excessive press
forces, the hot stamping process was developed. The scheme of the hot stamping
process is shown in Fig. 2.26 [53].

Cold rolled steel sheet, typically consisting of a pearlite-ferrite structure with a
low UTS, is austenitized in the oven at a temperature above Ac3. Then the sheet is
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Fig. 2.26 Schematic of hot forming process to produce martensitic steels. (Adapted from [53])

transferred over a short time to a die for hot stamping followed by press quenching
to form martensite in a water-cooled die.

The most commonly used steel grade for hot stamping is 22MnB5. Initially,
before stamping, the material has a ferrite-pearlite structure with the UTS around
600 MPa. After austenitization and martensite formation in the water-cooled die,
the UTS reaches 1500 MPa. High carbon and Mn determine the strength level of
martensite, and additions of boron are required to prevent ferrite formation while the
sheet is being transferred from the oven to the die [54]. Finally, one of the challenges
when using martensitic steels of high strength (>1000 MPa) is the susceptibility
to delayed fracture due to hydrogen embrittlement; this problem can be solved by
appropriate alloying.

2.8.6 Third-Generation AHSS

As one of the main factors defining fuel efficiency, the reduction of vehicle
weight through the introduction of high and ultra-high strength steels with adequate
formability has been one of the major objectives for steel manufacturing companies.
These efforts were significantly accelerated by the agreement of 13 large automakers
in July 2011 to increase the fuel efficiency of cars and light-duty trucks to 54.4
mpg, which resulted in the new CAFE regulations for every vehicle that will be on
US roads in 2025 [55]. Steels with tensile strength (UTS) of 980 MPa and total
elongation (TE) > 21%, or UTS of 1180 MPa and TE > 14%, or even UTS of
>1470 MPa and TE > 20% are among the popular targets which are currently either
under development or in the commercialization stages. In most cases, the classical
first-generation AHSS such as DP, TRIP, or martensitic steels cannot deliver such
combinations of properties. As a result, new metallurgical concepts and processing
routes should be employed.

Steels with carbide-free bainite (CFB) or TRIP steels with bainitic ferrite (TBF),
quenched and partitioned (Q&P) steels, and medium manganese steels are among
the third-generation AHSS that can simultaneously satisfy the high strength and
high ductility requirements combined with reasonably high stretch-flangeability
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(i.e., high hole expansion ratio). In all these cases, the microstructural design
strategy is mainly focused on the introduction of hard phases like martensite or
bainite in combination with retained austenite. Here, it should be emphasized
that in addition to target tensile properties, in most cases, other requirements like
bendability, flangeability, resistance to hydrogen embrittlement, good weldability,
etc. should be satisfied too. In this regard, the complex chemistries that are usually
employed in the new generation of steels leave a rather narrow window for
successful production through all different upstream and downstream processing
steps.

Obtaining the desired morphology and fraction of phases requires a very careful
evaluation of the effect of critical variables, not only in the final annealing step but
also in all other preceding stages like hot rolling, batch annealing, pickling, etc. For
example, temperature and time in reheating furnaces, finishing temperature, cooling
patterns on runout tables, and coiling temperatures are important variables during
hot rolling processing which can significantly affect the processability and final
properties of steels. Intermediate processes like hot band annealing and pickling
should also be evaluated carefully as each one can have non-reversible impacts
on the microstructure and surface quality of the products. Time, temperature,
atmosphere, and uniformity of the process throughout the coils should be adjusted
in each step with respect to the microstructure and property requirements in the next
processing steps without sacrificing the desired final properties.

2.8.7 Carbide-Free Bainite (CFB)

In general, the design of these steels is based on the introduction of fine carbide-
free bainite with a substantial fraction of retained austenite in the form of interlath
films in the microstructure, which is achieved through the isothermal holding of
steels in the bainite transformation temperature range. Steels with CFB structures
typically feature a good balance of high hole expansion, high ductility, and high
tensile strength (> 980 MPa), which cannot be achieved in the first generation of
AHSS like DP, TRIP, and CP steels.

As discussed before, DP and classical bainite-containing TRIP steels are char-
acterized by their excellent strength-ductility balance, but large differences in the
hardness of microstructural constituents result in low flangeability (i.e., low hole
expansion values). CP steels are used in the production of parts requiring both high
strength and high flangeability, but their low level of total elongation limits their
wide application. Elimination/minimization of ferrite, suppression of cementite
precipitation, and replacement of martensite with fine bainite laths in CFB steels
lead to achieve a more uniform microstructure and, as a result, a higher hole
expansion. At the same time, existence of substantial amount of very fine retained
austenite islands in CFB structure helps to achieve TRIP effect and high elongation
values. This combination of properties (i.e., strong matrix and good ductility) makes
these steels good candidates for parts where energy absorption is important.
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The general strategy for the chemistry design of CFB steels is similar to that
of TRIP steels, wherein elements that retard cementite formation, such as Si,
and Al, are an essential component of the composition. Alloying with austenite
hardening elements, such as Mn, Cr, Mo, Ni, and B, and microalloying with Nb
and Ti, should help to achieve the target mechanical properties. The choice of
certain alloying elements should be made very carefully due to their complex effect
on phase transformation. For example, austenite grain refinement by Nb addition
can potentially accelerate the transformation kinetics of both ferrite (during initial
cooling) and bainite (during isothermal holding) by providing more nucleation sites.
This means that if an industrial line is able to limit formation of undesired ferrite by
very fast initial cooling from the austenitizing temperature, then the positive effect
of Nb addition on bainite transformation kinetics can be seen. Otherwise, ferrite
formation and rejection of carbon into the austenite retard bainite growth kinetics
during the isothermal holding stage [56–60]. Similarly, Al addition on the one hand
might be beneficial for reducing the sensitivity of some properties to the annealing
parameters and improving the coatability of the steel, but, on the other hand, due to a
significant increase of the Ac3 temperature in Al-added steel, annealing in the fully
austenitic region is limited in most industrial lines (e.g., above 870 ◦C). The addition
of Mn, Cr, and Mo can also have several advantages like increasing strength, limiting
internal oxidation at high temperatures, or improving hardenability of the steel by
preventing ferrite formation during initial cooling. However, they can also damage
the final properties by retarding bainite transformation kinetics through restraining
the nucleation stage or causing solute drag effect during growth [59, 61]. The
alloying element strategy for achieving the necessary target mechanical properties
should be coordinated with the existing processing capabilities of the industrial
lines. In addition to target mechanical properties and existing processing limitations,
the effect of alloying elements on in-use properties like coatability and weldability
should also be examined.

With regard to processing considerations, the available time and temperature for
austenitization, the minimum and maximum cooling rates from the soak section to
the bainite formation region, and the available isothermal holding temperature and
time are among the major processing factors which should be considered in the
design of CFB steels for industrial annealing lines. For the development of CFB
steels, it would be ideal to have high soaking times and temperatures in the fully
austenitic region, fast initial cooling rates to limit undesired ferrite precipitation,
and flexibility in controlling the isothermal holding temperature and holding times
to allow for sufficient bainite formation. It should be noted that most of the existing
industrial continuous annealing lines are originally designed to produce the soft,
highly formable steels with ferritic structures. Therefore, the maximum soaking
temperature is usually around 850 ◦C, and the average initial cooling rates might
be limited to ~10–20 ◦C/s. In addition, overaging (equalizing) zones in continuous
galvanizing lines (CGL) are not very long (i.e., short isothermal holding section)
with temperature usually limited to Zn pot temperatures (~460 ◦C).

Recently, new lines with substantially different capabilities like higher soaking
temperatures (e.g., > 900 ◦C), faster cooling rates (e.g., ~40–50 ◦C/s), and variable
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isothermal holding temperatures (e.g., 250 ◦C–460 ◦C) and holding times (e.g., ~5–
10 min) have been built for the production of new AHSS. Usually, low isothermal
holding temperatures (<400 ◦C) result in the formation of favorable bainite and
retained austenite morphologies. However, slow bainite growth kinetics at low
temperature increases the required holding times for formation of desired bainite
fraction. In some cases, this may take more than 30 min, which might be beyond
the capability of the industrial lines. It is worth noting that some industrial lines
(e.g., quench and partitioning lines) might be able to go slightly below the Ms
temperature for a short time and take advantage of martensite transformation which
can drastically accelerate bainite formation kinetics at low temperatures. Similarly,
application of stresses can be considered for enhancing bainite transformation
kinetics [62, 63]. Depending on composition, and processing times and tempera-
tures, fresh martensite can be formed during the final cooling stage. In this case,
tempering through post-annealing processing should be considered to minimize the
harmful effect of fresh martensite on the final mechanical properties (e.g., on stretch-
flangeability).

2.8.8 Quenched and Partitioned Steels

Quenching and partitioning (Q&P) is one of the latest concepts in the design of
third-generation AHSS of high strength and high ductility. This concept, which was
first introduced by Speer et al. in 2003 [64], is based on the carbon enrichment of
austenite from martensite through a partitioning treatment [64, 65]. By using this
concept, unique mechanical properties such as UTS > 980 MPa with TE > 21%
and UTS >1500 MPa with TE > 20% can be achieved. A schematic of the Q&P
cycle with major phase transformations and corresponding microstructure changes
is presented in Fig. 2.27.

As shown in Fig. 2.28, the final microstructure of Q&P steels is a complex
mixture of tempered martensite, fresh martensite, bainite, ferrite, and retained
austenite Examples of thin films of retained austenite, blocky austenite, and fine
carbides are shown in Fig. 2.28a, b and c, respectively.

The martensite formed during quenching from the soaking temperature to a
desired temperature between Ms and Mf controls the fraction of untransformed
austenite before the isothermal holding step. At this stage, depending upon the soak-
ing temperature, initial cooling rate, and of course the chemical composition of the
steel, the microstructure may also contain some fraction of ferrite. The rejection of
carbon into remaining austenite during isothermal holding step (i.e., partitioning) is
the key for austenite stabilization. The partitioning stage practically starts below the
Ms temperature (e.g., in one-step Q&P) and continues during heating and holding
at higher temperatures above Ms. Initial publications employed the Koistinen-
Marburger equation [66] to determine an optimum quenching temperature to obtain
the maximum retained austenite fraction in the final microstructure. However, in
many cases, it is seen that this approach cannot accurately explain the experimental
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Fig. 2.27 Schematic of a two-step Q&P cycle and an example of the evolution of microstructure
during different steps of a Q&P cycle: 1, 2, and 3 are confocal laser microscope images, 4 is
electron backscatter diffraction (EBSD) image

Fig. 2.28 Transmission electron microscope (TEM) images of Q&P microstructure: (a) film-like
RA, (b) blocky RA, and (c) carbides

observations. It is confirmed that other coexisting mechanisms, like carbide pre-
cipitation, bainite transformation, and martensite tempering, play important roles
in determining the fraction of retained austenite and final mechanical properties of
Q&P steels. Depending on the chemical composition and the annealing parameters,
stabilization of austenite is controlled by both bainite formation, as in TRIP and CFB
steels, and direct partitioning of carbon to the remaining austenite from martensite
laths. Some later publications suggest that the role of martensite/austenite interface
migration on carbon partitioning should also be considered [67, 68].



2 Processing of Ferrous Alloys 73

28

26

24

22

20

18

16

14

To
ta

l E
lo

ng
at

io
n,

 %

Lattice Parameter, Å
3.599    3.6    3.601  3.602  3.603  3.604   3.605  3.606

28

26

24

22

20

18

16

14

To
ta

l E
lo

ng
at

io
n,

 %

Volume of Retained Austenite, %
4              6               8             10            12            14           16

Fig. 2.29 An example of the relationship of ductility with retained austenite characteristics from
two different industrially produced TRIP grades: (a) total elongation vs. volume fraction, (b) total
elongation vs. lattice parameter of retained austenite

The precipitation of stable and metastable carbides during both the quenching
and partitioning steps is another important process that can significantly reduce the
volume fraction of retained austenite through the consumption of a high fraction
of the available carbon for austenite stabilization. For example, it is often seen
that the rather high partitioning temperatures (> 450 ◦C) that are required for
galvanizing processes of coated sheet steels promote carbide precipitation and
reduce the retained austenite fraction in the final microstructure. As seen, the
coexistence of competing mechanisms combined with unavoidable inhomogeneities
in the distribution of alloying elements during industrial production makes the
prediction of the final fraction of retained austenite a very challenging task.

It is worth mentioning that even though retained austenite is a key phase for the
strength-ductility balance in Q&P structures, the relationship between the volume
fraction of retained austenite and the final properties is not fully understood. In fact,
in addition to volume fraction, other parameters, like lattice parameter, morphology,
size, and location of austenite, can play a role in determining the final properties.
An example provided in Fig. 2.29 shows a strong correlation between the lattice
parameter and total elongation, Fig. 2.29(a), while the volume fraction of retained
austenite exhibits a weak influence on total elongation, Fig. 2.29(b).

Despite the significant number of publications on Q&P steels during the past
10–15 years, there are a limited number of systematic studies on the effect of
different alloying elements on the properties of Q&P steels. Carbon and silicon are
the most critical elements in the metallurgical design of Q&P steels as they have the
biggest effect on volume fraction, morphology, and stability of retained austenite. In
addition, both elements affect transformation temperatures (e.g., Ac3, Ms, and Mf)
and the strength and morphology of martensite. Si plays a similar role as in TRIP
steel, acting as a cementite formation-retarding element and controlling undesired
carbide precipitation in Q&P steels. Usually, Si-bearing Q&P steels contain around
1–2.5 wt.% Si. Such a high content of Si strongly influences the strengthening
level in Q&P steels. In some cases, replacement of Si with Al might be considered
for improving hydrogen embrittlement resistance and coatability. However, one
should note that Al raises Ac3 temperature significantly and is less effective than
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Si in strengthening and in retarding cementite precipitation. The addition of other
alloying elements, such as Mn, Cr, Mo, Ni, Nb, B, and Ti, should be considered with
respect to the target properties and limitations in processing lines. For example, on
the one hand, Cr and Mo increase the final strength of the steel by increasing the
hardenability, i.e., preventing ferrite and pearlite formation during cooling from the
soak to the quenching section, and by retarding the tempering of martensite during
the partitioning step. On the other hand, incomplete dissolution of stable Cr and
Mo carbides, which form during upstream processes like hot rolling, can damage
properties by consuming carbon and reducing the fraction of retained austenite. As
in CFB and TRIP steels, the addition of Cr or Mo can reduce the fraction of RA
by retarding carbide-free bainite formation. As seen, each one of these elements has
a compound effect on the phase transformation of austenite at different stages of
the Q&P process. A full understanding of the role of each element individually and
their synergetic effect in the presence of other elements is a very complicated but
necessary task for successful production of this family of steels.

2.8.9 Medium Manganese Steels

Medium-Mn steels are another major category of third-generation AHSS that are
designed based on the TRIP effect and the stabilization of austenite at room
temperature through the addition of relatively moderate levels of Mn. Potentially,
a combination of high strength and high ductility (e.g., UTS = 1200 MPa and
TE = 25%) can be achieved in medium-Mn steels. There is very limited data avail-
able on stretch-flangeability of these steels due to the low volume of commercial
production. Reported YS/UTS ratios suggest that reasonable hole expansion ratios
(HER >20%) can be expected under the right annealing conditions.

In comparison to expensive TWIP steels with very high levels of Mn (> 22 wt.%)
and a fully austenitic structure at room temperature, medium-Mn steels have a much
lower Mn content (e.g., 4–10 wt.%) with a partially austenitic structure at room
temperature. Therefore, the stabilization of austenite in medium-Mn steels requires
partitioning and the enrichment of austenite with stabilizing elements (i.e., Mn and
C) at the expense of formation of other phases (e.g., ferrite) in the microstructure.
In this regard, different approaches, like full austenitization at high temperatures
followed by cooling and holding in the intercritical region, or austenite formation by
heating the initial martensitic structure into the intercritical region and nucleation of
fine austenite grains (aka austenite reverted transformation – ART) during anneal-
ing, might be employed to create the desired microstructure. Full austenitization
is an extremely slow process. As a result, industry focuses on characteristics of
the initial microstructures (i.e., upstream processes) in order to control the fraction,
stability, and morphology of the austenite in the final microstructure. For example,
the nucleation of fine austenite grains along laths in the initial martensitic structure
results in a different morphology of RA compared to the nucleation of austenite
at high angle grain boundaries of prior austenite. Depending upon the target final
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properties, other paths, like intercritical annealing followed by isothermal holding
at bainite transformation temperatures, or Q&P cycles, may be also considered. In
general, the optimum austenite fraction and stability should be obtained through
both chemistry and control of process parameters. Different studies show that the
stabilization of high fractions of austenite in medium-Mn structures cannot be
explained solely by chemical composition of the austenite phase (e.g., amount of
Mn and C) in the intercritical region. The size and morphology of austenite should
also be considered. For example, reducing the size of austenite grains increases
the austenite stability by reducing the Ms temperature and lowering the probability
of martensite nucleation. The intercritical annealing time and temperature should
be optimized toward the best balance between partitioning of austenite-stabilizing
elements (e.g., Mn and C), austenite grain growth, and the dissolution of Mn-rich
carbides [69–74].

The final mechanical properties of medium-Mn steels usually demonstrate a
strong dependency on the processing and annealing conditions. One of the biggest
concerns with respect to the manufacturability of medium-Mn steels is their narrow
processing window for obtaining the desired properties. Due to a high content
of Mn, for example, the annealing window is very narrow and should be well
controlled. Chemistry modifications to expand the processing windows for the
robust production of these steels are needed. For example, Al (up to 3 wt.%) is added
to medium-Mn steels to shift the annealing temperatures upward and to expand the
intercritical annealing region.

2.8.10 Importance of Steel Cleanliness

In general, the development of a new generation of steels brings a new level of
sophistication to all development stages, from upstream processes, like steelmaking,
to downstream processes like spot welding. As a result, new tools, knowledge, and
expertise should be developed to address these complexities and manage different
aspects of the industrialization processes. For example, some of the existing criteria
and technologies which are acceptable for the first-generation AHSS may not be
able to address the required quality in the third-generation AHSS, which have
much higher strengths and elongations. Steel cleanliness is one of these industrially
challenging areas where new tools, techniques, and expertise, with a high level of
attention, are required.

It is well-known that the formation of inclusions during steelmaking and casting
processes not only has damaging impacts on almost all important final mechanical
properties of the steel but also could cause several manufacturability issues, such
as poor surface quality or edge cracking, during downstream processes [75–78].
Steel strength, elongation, bendability, fatigue life, delayed fracture, and stretch-
flangeability are among the properties that can suffer due to the presence of
inclusions. Usually, these inclusions, which can form by chemical reactions in the
molten steel or by mechanical incorporation of slags, are chemical compounds
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Fig. 2.30 Example of damages associated with presence of inclusions in AHSS steels

of metals (e.g., Fe, Mn, Al, Si) with undesirable non-metals (e.g., O, S, P, N).
These non-metallic inclusions are classified as oxides, sulfides, silicates, nitrides,
and phosphides [79]. In general, the main recognized mechanisms for the damaging
effects of inclusions are associated with the stress amplification around the inclu-
sions due to their morphology, the entrapped gas around the inclusions, and the
residual stresses due to differences in thermal expansions of the metal matrix and
the inclusions. Recent literature [76] demonstrates that size, shape, volume fraction,
distribution, location, thermal and elastic properties, adhesion to the matrix, and
composition are among the key parameters that can be manipulated to control the
damaging effects of inclusions. For example, the formation of elongated chains of
inclusions and the coalescence of nucleated voids around them create a potentially
dangerous combination for crack formation and propagation. In these cases, the
manipulation of size, type, and distribution of inclusions during upstream processes
may be considered as an effective way to reduce the damaging impacts. Also, the
location of the inclusions can become a critical part of the solution for avoiding
failure under certain conditions like bending. It is well-known that damaging effects
become stronger as inclusions get closer to the surface. Slight changes in the
subsurface microstructure can significantly help to decrease the damaging effects.
For example, Kaijalainen et al. recently showed that the introduction of a soft layer
of polygonal ferrite and granular bainite can significantly improve the bendability
of the steel [80]. Some examples of damages associated with presence of inclusions
in AHSS steels are presented in Fig. 2.30.

Decreasing the undesirable elements (e.g., O, S, P, N) in steel is the most
straightforward solution to minimize the negative effect of inclusions on final
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properties. However, the complexity of the new steel chemistries combined with the
restrictions associated with upgrading the existing steelmaking and casting facilities
makes this approach very costly for most steel manufacturers. Consequently, the
systematic study of inclusion impact on final mechanical properties of AHSS of
different microstructures, with an aim to control the damaging effects of inclusions
through optimization of the chemical composition and processing parameters,
becomes one of the key objectives for the successful production of new classes of
AHSS steels.

2.9 Process Modelling

Physics-based models are introduced in order to better understand the process-
structure-property relationships and the interactions between different metallurgical
phenomena and to avoid costly and lengthy experiments, physics-based models are
introduced to capture the complexity of these metallurgical processes with process
parameters. A large portion of the literature on modelling of hot working of steels
is devoted to empirical approaches, where mathematical models are fitted to the
experimental data without a proper linkage to the microstructure. However, there
have been attempts to model steel processing via physics-based models, where
processing parameters and materials-related parameters are linked and validated
using experimental data. These models deal with different stages of processing
and with the relevant metallurgical events. Figure 2.31 shows an example of such
an approach where process parameters (strain, strain rate, and temperature) are
linked to materials-related variables, such as dislocation density, precipitate number
density, radius and volume fraction, recrystallization nuclei, solute content, etc., to
describe the phenomena of recovery, recrystallization, and precipitation as well as
their interactions. New models have been developed in recent years to better explain
microstructure evolution of complex alloy systems, such as microalloyed and highly
alloyed steels. With regard to the precipitation of microalloying elements, Dutta
et al. [81] proposed a precipitation model in which the precipitation kinetics of
the Nb-bearing steels during low-temperature finish rolling practices was modelled.
This model is based on dislocation-induced accelerated precipitation. Zurob et
al. [82] extended the model to capture the interaction between precipitation,
recovery, and recrystallization. Modifications were introduced to both recovery and
recrystallization models to fit a large body of kinetic data. Similar treatments have
been introduced for phase transformation and austenite decomposition. In these
models, the nucleation and growth of ferrite/bainite from austenite were related to
the chemistry of the steel, process parameters, and the undercooling in isothermal
or continuous cooling setups.
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Fig. 2.31 Schematic illustration of interactions between deformation, recovery, recrystallization,
and precipitation

2.10 Summary and Outlook

Successful processing of steels requires simultaneous adjustment of the steel
composition and the various thermomechanical and annealing steps. The optimum
combination of chemistry and processing route will depend on the target properties
and the specific capabilities of the infrastructure (e.g., hot mill or annealing line)
being used to produce the steel. These concepts will be explored in more detail in
subsequent chapters. The aim of this introductory chapter was to shed some light on
the complex considerations and interactions that need to be considered during steel
processing of different families of steels.

In terms of the future evolution of the steel processing, several important trends
are worth highlighting as these would potentially have a very important impact in the
coming years. The first of these is the development of new infrastructure that would
expand the range of processing conditions. Many steel producers are investing
in more powerful rolling mills and improved cooling and coiling capabilities. In
addition, annealing lines that can access a wider range of annealing temperatures
and times as well as faster cooling rates will become available in the coming years.
This would provide new opportunities for developing new steel grades such as third-
generation steels, as well as reducing the cost of existing first-generation steels.
As an example, the new accelerated cooling capabilities may allow steel producers
to reduce alloying additions such as those used for increasing the hardenability of
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some first-generation steels. Another emerging trend is the increased use of batch
annealing lines. The batch annealing process can be used to produce a wide range
of steels including electric steels. Given the anticipated increase in demand for
electric steels in the automotive industry, steel producers have made significant
new investment in batch annealing. This new capacity could also be used for the
processing of third-generation steels such as medium-Mn steels which require long
intercritical treatments and/or softening treatments. New processes for producing
multilayer steels using batch annealing furnaces are also being explored. The third
trend that could shape the industry in the coming years is the development of a new
generation of physics-based process models which take into account the specific
mill layout and capabilities. Unlike earlier mill models, this new generation would
have the ability to explore “what if” scenarios due to the ability of physics-based
models to predict microstructure evolution. This along with recent advances in
computational power and machine learning would make it possible to tune the
models using data from a specific mill and then use the models to simultaneously
design the chemistry and processing schedules given the specific capabilities of a
given mill.

All of the above factors point to an acceleration in the development of new steels
and an important improvement in the range and combinations of steel properties.
The steel industry will become increasingly more dynamic and offer materials
solutions for an increasing number of applications in the automotive and energy
sectors.
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Symbols

aM Activity of dissolved microalloying element M
AM Atomic mass of M
aMX Activity of dissolved compound
aX Activity of dissolved interstitial element X
AX Atomic mass of X
A, B Constants with the product of the activity coefficients
ci Concentration of solute i
[C] Concentration of C in solution in ferrite
D Grain size
Dγ Prior austenite grain size
f Volume fraction of precipitate
h Planck constant
I Nucleation rate
k Boltzmann constant
ky Locking parameter which measures the relative hardening contribution

of the grain boundaries
k

′
Fitting constant

ki Strengthening coefficient of solute i
ks Solubility product
[M] Microalloying solute element M dissolved in primary phase
N Number density of sites supporting nucleation
Q Activation energy per atom
R Universal gas constant
SV Grain boundary area per unit volume
T Temperature in absolute scale
ti and tf Initial and final thickness of the sheet, respectively
TNR No recrystallization temperature
TRX Recrystallization temperature
Tsol Dissolution temperature of MX
wi and wf Initial and final width of the sheet, respectively
X Mean linear intercept diameter of a precipitate particle
[X] Interstitial solute element X dissolved in primary phase
α Ferrite
γ Austenite
γ i Activity coefficient of solute i
ΔGcrit Critical activation energy for nucleation
ΔG0 Standard free energy change for the forward reaction
ΔH0 Change in enthalpy
ΔS0 Change in entropy
Δσ Strength increment
ΔσDisl Dislocations strengthening
ΔσGS Strengthening due to grain refinement
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ΔσPptn Precipitation strengthening
Δσ SS Solid solution strengthening
Δσ Tex Strengthening due to textural effect during rolling
λ Perpendicular sheet spacing of vanadium precipitates
σ y Yield stress
σ 0 Friction stress representing the overall resistance of the crystal to

dislocation movement

3.1 Introduction

Microalloyed steels are one of the most important genres of steels that are available
for various applications in challenging environmental and operational conditions
all over the world currently. After the crude oil crisis of the 1970s, almost all
the industries started using thinner and lighter steels. Such demands led to the
development of hot rolled high-strength low-alloy (HSLA) steels which have the
required properties (e.g., yield strength > 400 MPa) after cooling and/or coiling
[1]. Apart from the common alloying elements like Mn and Si, this type of steels
typically contains a small amount of carbide and nitride-forming alloying elements
like Nb, Ti, or V either singly or in combination. As the total concentration of
these alloying elements is very minute, up to 0.1 wt% for a single addition or
up to 0.15 wt% for a combination of elements [2], this grade of steels came
to be widely known as microalloyed (MA) steels or HSLA steels in recognition
of the fact that even in small concentrations, these elements engender dramatic
effect on the microstructure and properties of the steel. The primary role of such
alloying addition is to produce finer grains and/or precipitation strengthening by
the formation of relatively stable carbides or nitrides. The effects of addition of
such alloying elements are greatly influenced by the thermal and thermo-mechanical
cycles followed during the processing of steels [3].

The commercial application of microalloying started in the 1960s [4, 5]. Along
with the concept of microalloying, advancements in hot rolling processing aided
the development of microalloyed steels. This enabled the steel researchers to
obtain fine ferrite grains, needed for MA grade steels, from fine austenite grains
by closely controlling the rolling operation. Carrying this momentum forward,
further development in the MA concept, e.g., roles and effectiveness of different
microalloying elements (like Nb, V, Ti, etc.), fracture behavior, effects of different
nonmetallic inclusions, possibilities of reducing carbon, etc. led to the development
of steels with even better properties. By the end of the 1970s, the steels could
deliver an excellent combination of mechanical properties: yield strength 350–
420 MPa, ultimate tensile strength 450–700 MPa, total elongation 14–27%, and
Charpy impact energy value of 150 J and 100 J at room temperature and − 40 ◦C,
respectively [6–8].

The concept of microalloying has subsequently been extended to different genres
of steels like dual-phase (DP) steels where additions of microalloying elements led
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to improved work hardening behavior due to the refinement of martensite islands
[9]. With the development of steel making technology for producing steels with
very low carbon and nitrogen content (typically <0.005 wt%), another application
of microalloying was utilized in scavenging the solute carbon and nitrogen present in
the matrix, and thus the development of interstitial free (IF) steel was realized [10].
Further developments and innovations in controlling the carbon led to the invention
of bake hardening (BH) steel where some amount of carbon is kept in solution to
cause strain aging at a later stage of production cycle and thereby improving the
strength of the final component [11]. Some good work on this family of steels can
be found elsewhere [12, 13]. It is worth mentioning here that all these three types
of steels (DP, IF, and BH) are extensively used in automotive industry. As the focus
in the present chapter is on MA or HSLA family of steels in general, no further
discussion on other automotive steels will be made here.

It is thus apparent from the above discussion that the MA/HSLA family of
steels could find application in many different segments which include pipeline,
automotive, ship building, and other structural materials. A large number of
conferences have been fully devoted to discuss the progress of this class of steels
[14–16]. The interest among the researchers around the world about this particular
type of steel is so high that it led to the publication of a number of review articles
[1, 4, 6, 17]. The role of different alloying elements has been researched [18,
19], and also an excellent reference book has been published [3]. The interest in
the past few decades has pushed the microalloying concept to develop steels for
sectors like pipeline, automotive, shipbuilding, construction, etc. with even better
set of mechanical properties. Application in newer areas certainly has increased
the tonnage-wise production of this type of steels worldwide. It is estimated that
currently this type of steels comprises almost 12% (~ 200 million tons) of the
world steel production (1631 million tons) [20, 21]. The mechanical properties have
also improved significantly: yield strength well in excess of 690 MPa with tensile
strength above 1000 MPa [6, 7, 22, 23] and Charpy impact energy of 220 J at room
temperature and 150 J at −40 ◦C [7, 20, 24] are now attainable for microalloyed
HSLA steels.

Alloying with carbon is perhaps the cheapest and the easiest method to attain
high strength and was in fact practiced in the past when hot rolled steels with
carbon content up to 0.4 wt.% and Mn up to 1.5 wt.% were used to give yield
strength of 300–400 MPa. However, high pearlite content associated with high
carbon results in poor impact toughness (as measured by impact energy and ductile-
brittle transition temperature (DBTT)), as can be seen from Fig. 3.1 [25, 26].
Similarly, high carbon steels have high hardenability (which increases with carbon
content) that results in poor weldability. The solution obviously is low-carbon steel
that would improve toughness and weldability substantially and attain the required
strength and toughness by microstructure engineering. HSLA steels are perhaps
one of the earliest examples of engineered material where the microstructure was
designed using well-understood scientific principles [27]. Grain refinement of ferrite
is the obvious choice for improving the strength and toughness simultaneously
[27] where the well-known Hall-Petch equation is exploited. There are however
theoretical and practical limitations to the extent of grain refinement that can be
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Fig. 3.1 Effect of carbon content (wt. %) on the impact transition temperature curves of
ferrite/pearlite steels [25, 26]

attained [28]. Therefore if higher strengths are required, then the next most suitable
alternative is precipitation strengthening which of course comes with a small penalty
to toughness [7, 18]. The microstructure of this type of steels thus consists of fine
grains of ferrite with fine dispersion of carbides /nitrides/carbonitrides, and as will
be discussed in subsequent sections, addition of microalloying elements and special
processing make it possible to attain this microstructure during industrial rolling
practice.

Grain refinement can be achieved by increasing the nucleation rate of ferrite that
forms from austenite. Nucleation rate (I) in general can be given by [29, 30]:

I = N
k T

h
exp

{− (ΔGcrit + Q)

k T

}
(3.1)

where N is the number density of sites supporting nucleation, k is the Boltzmann
constant, h is the Planck constant, T is the absolute temperature, ΔGcrit is critical
activation energy for nucleation and Q is the activation energy per atom for the
atoms to cross the austenite/ferrite nucleus interface. It is clear from the above
equation that grain refinement can be achieved in two ways: (i) by increasing
the number density of nucleation sites, that is, by increasing the austenite grain
boundary area per unit volume (SV ) and introducing other heterogeneous nucleation
sites in austenite grain, known as “austenite conditioning” and (ii) by increasing
the driving force for ferrite transformation that would lower the activation barrier
for nucleation. In practice, (i) is achieved by controlled rolling which is briefly
described in Sect. 3.4 and (ii) by accelerated cooling that increases the undercooling
at which austenite to ferrite transformation takes place. Together they constitute
what is known as thermo-mechanical controlled processing (TMCP) which together
with the addition of microalloying elements represents a major technological
breakthrough.
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3.2 Role of Microalloying Elements

Microalloying elements play an important role in governing the evolution of
microstructure during processing of HSLA steels, in spite of their small concen-
tration. Depending on temperature and other processing conditions, the elements
could be in solid solution in the primary phase (austenite or ferrite) or precipitate
out. The solubility of carbon in ferrite or austenite in equilibrium with cementite
(Fe3C) and the fraction of cementite in binary Fe-C alloy can simply be obtained
from the α/α + Fe3C or γ/γ + Fe3C phase boundaries of Fe-Fe3C phase diagram
and mass balance. For example, the solubility of carbon in ferrite in equilibrium
with cementite is given by [31]:

log [C] = −2120

T
+ 0.41 (3.2)

where [C] represents wt. % C in solution in ferrite and T is the temperature in
Kelvin. The situation is somewhat complex in ternary or multicomponent alloys
with two or more alloying elements where the phase boundaries cannot be visualized
so easily. It is convenient in such cases to work out and quantify the partitioning of
the alloying elements between the primary solution phase (α or γ in this case) and
the precipitate using the concept of solubility product.

Consider the equilibrium between the dissolution of precipitate MX and its
formation given by the following equation:

(MX) ↔ [M] + [X] (3.3)

where [M] and [X] represent the microalloying solute element M and interstitial
solute X, respectively, dissolved in the primary phase which in the present case
could be austenite or ferrite, and (MX) is the compound that precipitates out. If
the activities of dissolved microalloying element, interstitial, and the compound are
denoted by aM , aX, and aMX respectively, then the equilibrium constant ks of the
above reaction (Eq. 3.3) can be expressed as:

ks = aM .aX

aMX
(3.4)

The activities of metal and interstitial are essentially the function of elemental
concentrations in solution ([i]) and the corresponding activity coefficient (γ i). The
activity aMX of the precipitate MX can be considered as unity so that

ks = aM .aX (3.5)

Now if ΔG0 is the standard free energy change for the forward reaction (Eq. 3.3),
then:
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Table 3.1 Solubility product constants (A and B) of some of the most common carbides and
nitrides summarized and collected from Gladman [3]

Compound A B Temperature range (◦C) Phase

VN 8330 3.40 900–1350 Austenite
NbN 8500 2.80 900–1350 Austenite

12,230 4.96 600–800 Ferrite
TiN 15,020 3.82 900–1350 Austenite
VC 9407 5.65 900–1100 Austenite

12,265 8.05 900 Ferrite
NbC 7900 2.96 900–1200 Austenite

10,960 5.43 – Ferrite
TiC 10,300 5.12 1000–1350 Austenite

9575 4.40 – Ferrite

ΔG0 = −R T lnks (3.6)

where T is the temperature in Kelvin, and R is the universal gas constant. Since
the concentrations of the solute elements M and X are very small, dilute solution
approximation can be used so that their activities in the solution are directly propor-
tional to their mole fractions [M] and [X], respectively. Since ΔG0 = ΔH0 − TΔS0,
Eq. 3.6 above can in general be rewritten to give the solubility product [M][X] as:

log [[M] [X]] = −A

T
+ B (3.7)

where A and B are constants with the product of the activity coefficients subsumed
in the constant B; [M] and [X] can be presented in terms of atom % or mass %.
The solubility product in austenite and ferrite and the constants A and B for each
phase have been painstakingly evaluated for the microalloy precipitates that form
in microalloyed steel using a variety of techniques (precipitate extraction, gaseous
equilibrium, thermodynamic calculation, etc.). Although these values can be found
out from elsewhere [3], the constants and solubility product values of some of the
most common carbides and nitrides are listed in Table 3.1 for ready reference. It is
to be kept in mind that the values of A and B reported by different investigators vary
to an extent presumably due to the variations in the method used, subtle variations
in the alloy composition and the size of the precipitate. Solubility product is usually
plotted as a function of inverse of absolute temperature as suggested by Eq. 3.7
(Fig. 3.2a). Alternatively, solubility relationships are presented as isotherms; some
examples for vanadium, niobium, and titanium are shown in Fig. 3.2b–d.

The solubility product in ferrite or austenite in a ternary or multicomponent alloy
can be treated in the same way as solubility of carbon in the matrix phase in a
binary Fe-C alloy. The solubility product [M][X] in a given matrix phase increases
with temperature so that more of M and X go into solution, i.e., the stability of
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Fig. 3.2 (a) Evaluation of the temperature dependence of the solubility product of different
microalloyed carbide and nitride precipitates and (b, c & d) limits of mutual solubility of vanadium,
niobium, and titanium with nitrogen in austenite at various temperatures [3]

the precipitate MX decreases, and at sufficiently high temperature, Tsol, the entire
amount of M and X in the alloy might dissolve. Nitrides of titanium are very
stable and may dissolve completely only in liquid, whereas vanadium carbide has
the highest solubility and might precipitate only during or after austenite to ferrite
transformation. The stability of some common precipitates in microalloyed steels
decreases in the following order: TiN >AlN>NbN>VN>NbC>TiC>VC [32]. They
all have a face-centered cubic (FCC) structure and are completely soluble in each
other. As a result, complex carbonitride precipitates can also be formed.

At a given temperature, precipitation becomes possible when the product of the
total concentrations of M and X in the alloy is larger than the solubility product of
MX at the temperature concerned. Thus, if {M} and {X} are the total concentration
of M and X in the alloy and [M] and [X] are the respective (solute) concentration in
solution in the matrix phase at any given temperature T, then the amount of M and
X in the precipitate can be worked out from stoichiometry as:
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Fig. 3.3 Calculated evolution of phase fraction of NbC for a steel with nominal composition (in
wt%): 0.08 C-1.30 Mn-0.30 Si-0.04 Nb using TCFE8 database

{M} − [M]
{X} − [X]

= AM

AX
(3.8)

where AM and AX are the atomic mass of M and X, respectively. If the alloy is at
equilibrium at T, then the amounts of M and X in solution and in precipitate can be
found out by simultaneously solving Eqs. 3.7 and 3.8, and the fraction of precipitate
can be calculated from mass balance or stoichiometry. These quantities can also be
calculated graphically from solubility product isotherms like the ones shown in Fig.
3.2b–d [3, 27].

The solubility product relationships discussed above are empirical where the
interaction between solutes in a multicomponent alloy is ignored. More accurate
calculations can be done with CALPHAD method where the precipitate dissolution
temperature, the equilibrium amount of solute at any temperature and the fraction of
precipitate can be calculated directly using a commercially available program like
Thermo-Calc or MTDATA along with a suitable database. An example calculation
using TCFE8 database is provided in Fig. 3.3 for NbC for a steel with nominal
composition (in wt%): 0.08 C-1.30 Mn-0.30 Si-0.04 Nb. It has to be kept in mind
that solubility depends on the size of the precipitate as well (Gibbs-Thomson cap-
illarity effect), especially when the precipitates are extremely fine, on a nanometric
scale [30]. The solubility increases if the precipitates are finer and the dissolution
temperature would be lower. Kinetics of precipitate dissolution and formation are
equally important aspects that have to be taken into consideration since actual
processing conditions deviate from equilibrium. It has been shown, for example,
that when the heating rate increases from 1.3×10−3 ◦C/s to 1.3 ◦C/s, the dissolution
temperature of NbC in austenite increases by about 100 ◦C [33]. The equilibrium
solubility product relationships or equilibrium calculations can therefore provide
only broad guidelines.
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At any temperature below Tsol, the solutes are partitioned between the matrix
and the precipitate phase. The kinetics of precipitation is accelerated significantly
when austenite is deformed below the recrystallization temperature. The solute
atoms and the strain-induced precipitates of carbide and/or carbonitrides of these
elements retard the recrystallization of austenite (the latter being much more
effective than solute) and enable pancaking of austenite grains even at higher
temperatures which augments the ferrite nucleation rate. The complex interaction
between precipitation and recrystallization is an interesting aspect that governs the
evolution of microstructure in this case.

The solubility product decreases with decreasing temperature, and there is a
sharp drop in solubility when austenite transforms to ferrite. This results in extensive
precipitation at austenite/ferrite transformation interface when the transformation
temperature and the precipitation temperature are synchronized. This is known as
interphase precipitation [34]. The precipitates, especially the fine ones, formed
during or after austenite to ferrite transformation, provide additional strengthening
(Sect. 3.3.2). In addition, the precipitates of these elements inhibit grain coarsening
during reheating and restrict the growth of recrystallized austenite grains in stage
1 of controlled rolling described later. Coarse precipitates that remain undissolved
during soaking are not effective for retardation of recrystallization and strength-
ening. They must therefore be taken into solution to exploit their full potential.
Dissolved solute atoms, particularly of Nb, retard austenite to ferrite transformation,
that is, they lower the transformation temperature during cooling and therefore
facilitate finer ferrite grains and interphase precipitate; precipitates themselves, on
the other hand, accelerate the transformation because they remove C and N from
solution in austenite, and coarse ones might provide heterogeneous nucleation sites
for ferrite.

In general, Nb is the most effective microalloying element (among the three:
Ti, Nb, and V) for grain refinement because of its effectiveness in retarding the
recrystallization of austenite by strain-induced precipitation. Vanadium carbide on
the other hand is highly soluble in austenite, but it precipitates out during or after
austenite to ferrite transformation and contributes mostly by way of precipitation
strengthening. Thus, the largest contribution toward strengthening from grain size
refinement comes from Nb, whereas that for precipitation strengthening comes from
V (VC); Ti has an intermediate contribution in both these aspects [35].

3.3 Strengthening Mechanisms

It is well-known that the strength can only be improved if the dislocation motion
is restricted. The observed strength of MA steel is the result of contributions
from grain refinement (Δσ gs), precipitation of carbides/carbonitrides (Δσ pptn),
solid solution strengthening due to alloying with different elements (Si, Mn, and
others while in solid solution) (Δσ ss), textural effect during rolling (Δσ tex), or
generation of dislocations (Δσ disl). Although there are some questions regarding
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the appropriate way of expressing the effects of these variables on the observed
yield strength [36, 37], DeArdo concluded that [18] the best way to represent their
effect is through linear addition as in:

σy = Δσgs + Δσpptn + Δσ ss + Δσ tex + Δσdisl (3.9)

In the following sections, the primary source of high strength in these steels,
namely, the grain refinement and the precipitation hardening, will be discussed in
details.

3.3.1 Grain Refinement in MA Steels

The contribution toward strengthening from grain size was first postulated indepen-
dently by Hall [38] and Petch [39]. According to this model, the yield stress (σ y)
can be expressed with the help of grain size (D) in the following manner:

σy = σ 0 + ky D−1/2 (3.10)

where, σ 0 and ky are the friction stress representing the overall resistance of
the crystal to dislocation movement and the locking parameter which measures
the relative hardening contribution of the grain boundaries, respectively. The
mathematical expression is the resultant of suitable treatment of stress accumulation
in front of a pile up of dislocations. It is thus important to measure the grain size
properly. The most common and reliable method of determining the grain size [3]
is the mean linear intercept method where a known length of line is drawn on the
planar metallographic section and the mean intercept length is estimated from the
number of grains it intersects. It is considered that this mean intercept length is the
diameter (D) of a spherical grain. The factors ky and σ 0 are the slope of the straight
line and intercept along the ordinate, respectively, if σ y is plotted against D−1/2. The
theoretical value of ky of ferrite, 21.9 MPa mm0.5, was proposed by Dingley and
McLean [40], and this matches quite well with other experimental observations [3].
It is worth mentioning here that the value of ky (of ferrite) was calculated considering
no free dislocation in the system. Thus, the presence of unlocked dislocation will
lead to a lower value of ky. The ky value depends on the temperature as well [3].
However, different researchers have reported different values for σ 0, as summarized
by Gladman [3]. The differences primarily originate from the effects of the presence
of substitutional solute atoms. Consequently, the intercept of the Hall-Petch plot
(i.e., σ 0) can be considered as the summation of the friction stress of pure iron and
the solid solution hardening effects due to the presence of solute atoms [41]. It is
thus appropriate to express the yield stress in the following form:

σy = σ 0 +
∑

ki ci + ky D−1/2 (3.11)
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Fig. 3.4 Variation of yield strength (the upper line) and contribution from precipitation strength-
ening (the lower line) as a function of end water cool temperature (or coiling temperature) for
microalloyed steel containing different precipitating elements [43]. The difference between the
upper and lower lines represents the contribution from other sources of strengthening

where σ 0 is the friction stress of pure iron, and ki and ci are, strengthening
coefficient and the concentration of solute i respectively. One of the earliest studies
in this direction was carried out by Pickering and Gladman [42]. They have proposed
the variation of yield strength (in MPa) as a function of both composition and grain
size (Eq. 3.8).

σy = 105 + 84 × (wt%Si) + 33 × (wt%Mn) + 17.5 D−0.5 (3.12)

However, Li et al [43] have proposed a different expression to calculate the yield
strength, and this is given in Eq. 3.9.

σy = 45 + 84 × (wt%Si) + 32 × (wt%Mn) + 680 × (wt%P )

+ 38 × (wt%Cu) + 43 × (wt%Ni) + 18.1 D−0.5
(3.13)

It has been estimated that the major contribution to the strengthening (~ 250 MPa)
comes from grain refinement (considering 5 μm ferrite grain), another 100–220 MPa
might be due to precipitate particles, and the remainder (i.e., the difference between
the yield strength and the precipitation contribution) is from solid solution hardening
[44]. This can be seen from Fig. 3.4 where variations in yield strength and
contribution from precipitation strengthening for different types of microalloyed
steel are plotted against end cool temperature (or simply the coiling temperature)
which is equivalent to coiling temperature in industrial condition. Apart from
directly contributing to solid solution strengthening, the solute elements affect
the austenite to ferrite transformation temperature, and therefore the ferrite grain
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size as well and this can further affect the strength. Mn, for example, lowers the
transformation temperature and therefore refines the ferrite grain size [45].

3.3.2 Precipitation Hardening in MA Steels

It has been discussed earlier that depending on the philosophy of alloy design,
microalloying additions are chosen in such a way that carbides, nitrides, or
carbo-nitrides particles are dissolved in the solid solution at high temperature but re-
precipitate during the cooling up to room temperature. If the precipitate particles are
uniformly distributed, they provide barriers to dislocation motion. The dislocations
need to then overcome such barriers to continue its motion, and strength is increased
in the process. The increase of strength can be represented as [35]:

σ (MPa) = 5.9
√

f

X
ln

(
X

2.5 × 10−4

)
(3.14)

where, f = Volume fraction of precipitate
X = mean linear intercept diameter of a precipitate particle
It is thus obvious that the finer the precipitates, the more effective strengthener

they are. It is noteworthy to mention here that the calculation for the increase of
strength due to precipitation (Eq. 3.14) was carried out for random distribution
only, as can be seen in Fig. 3.5a. Apart from this general type, a special kind
of precipitation is also encountered in MA steel, and that is called interphase
precipitation which has also been studied extensively [46]. In this case, carbide
particles of the same orientation are precipitated on a plane which is generally
parallel to the γ/α interface. It was concluded that the precipitation of sheets of
microalloyed carbides (of vanadium or niobium or titanium) platelets occurs on
the γ/α interface inside ferrite [18]. If the γ/α interface is microscopically planar
and highly coherent, the precipitation is thought to be associated with incoherent,
mobile interface ledges (Fig. 3.5b) [47, 48]. On the other hand, if the incoherent
γ/α interface is curved (Fig. 3.5c), Rickes and Howell [49] have suggested a quasi-
ledge mechanism for the precipitation of particles. However, the separation of
precipitate particles in both the instances is controlled by the rate of diffusion of the
substitutional element within the interface. It is worth mentioning here that although
some reports have claimed the interphase precipitation in Nb-alloyed steel [50, 51],
DeArdo [18] has argued that only very specific thermal paths would intersect the
precipitation region as can be seen from Fig. 3.6. It is primarily because of this
reason that such kind of precipitation is likely to occur when high supersaturation of
NbC is available along with slow growth rate. Sakuma and Honeycombe have also
suggested earlier that the balance between the ferrite growth and the supersaturation
of NbC in ferrite is essential for such precipitations to occur [50, 51].
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Fig. 3.5 TEM micrographs showing precipitates in microalloyed steel. (a) ordinary precipitate of
NbC (C-0.09, Nb-0.07, Fe-balance, all in wt. %, reheated to 1250 ◦C, hot rolled to 1000 ◦C, and
air cooled to room temperature) [18], (b and c) interphase precipitates of different kinds [48]: (b)
parallel sheet and (c) curved sheet (C-0.073, Ti-0.227, Fe-balance, all in wt. %; isothermal holding
at 800 ◦C for 1000 s)

Fig. 3.6 Schematic TTT curves for Fe–0·036Nb–0·09C and Fe–0·036Nb–1·07Mn-0·09C alloys
(solid lines): interphase precipitation (IP) occurs in the shaded areas only. The dotted line
represents the IP region for a different steel composition: 0·025Nb–0·07C–1·1Mn. All the
compositions are in wt. % only [18]
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In MA steels, combined contributions from precipitation and grain refinement
are utilized by suitable addition of microalloying elements like Nb, V, Ti, etc. As
already discussed, the effectiveness of these different elements depends on the
stability of the corresponding carbides and/carbonitrides or in other words their
solubility in austenite. It is to be kept in mind that precipitate particles formed at
high temperature are generally coarse, and therefore, they do not contribute much
to the strengthening directly. However, on cooling, the particles which had been
dissolved earlier now start precipitating during the γ → α transformation at the
corresponding interface leading to a row of interphase precipitate particles. Being
lower-temperature particles, they are very fine and thus are very much effective for
strengthening. Consequently, the particles that precipitate at low temperatures in
austenite or at the γ /α interface during transformation or in ferrite during cooling
are effective for strengthening because they are dispersed on a much finer scale (e.g.,
VN). Batte and Honeycombe [52] have deduced the following empirical relationship
between the strength increment (Δσ ) and the perpendicular sheet spacing (λ) for
vanadium added steel:

Δσ = k′.λ−0.7 (3.15)

where the value of k
′ = 0.0468 N/mm3/2 (0.468 kgf/mm3/2). Similar observation was

also made for other microalloying elements as well. However, the above expression
is true for a fixed volume fraction of precipitates only. If the total volume fraction
increases, the strength will obviously increase further. It thus can be concluded
that high volume fraction of finely dispersed precipitates can maximize the strength
increment. For steels containing different concentrations of Nb, it was shown that
the increase in yield stress can take place for both the increase in the total amount
of Nb content and the size of the NbC particles (Fig. 3.7) [25].

Fig. 3.7 Effect of Nb content and the size of NbC particles on the increase in yield strength of
microalloyed steel [27]
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On the other hand, the precipitates that form at high temperatures (e.g., TiN)
are not very suitable for contributing to precipitation hardening because of their
comparatively larger size though they might be effective grain refiner. These
particles become very much useful in operations like welding where one of the
prime importance is to restrict the grain coarsening to minimize the deterioration of
properties in the heat-affected area.

3.4 Processing of Microalloyed Steels

The biggest contribution to the development of MA steel probably has come
from the significant improvement and innovations in the hot rolling technology.
In this process, the feedstock (slab/ingot) is heated in a furnace to a temperature
which depends on the chemical composition of the steel but remains usually in
the range of 1100–1250 ◦C. This is called the reheating/soaking temperature,
and the corresponding microstructure becomes fully austenitic. After removing
the oxide scales, which are formed on the surface due to the exposure to such
high temperature, the feedstock is subjected to deformation in the roll gap. The
deformation is carried out in a number of steps, called passes, in a reversing or
continuous mill with a predetermined amount of thickness reduction in each pass.
Finally, after the required thickness has been achieved, the product is allowed to
cool freely in air or is subjected to accelerated cooling using air or water sprays. For
a given chemical composition, the final microstructure and hence the mechanical
properties depend on the microstructure of austenite before it begins to transform
and on the rate of cooling. It is possible to control the time-temperature-deformation
sequence (the “rolling schedule”) to leave the austenite in a state which will induce
it to transform into the required microstructure upon cooling. This is known as
“austenite conditioning.”

It has been reported earlier that the ferrite grain structure is determined by
both the austenite grain size and the amount of deformation [53–55]. Figure 3.8
shows such a behavior for two different microalloyed steels (Nb and Nb + V-
added compositions) with varying prior austenite grain size and deformed to
different extent but cooled to a specific rate only. In general, the rolling operation is
started at a temperature region where the austenite can recrystallize readily. During
this stage, the coarse grains of austenite, produced during the high-temperature
soaking, are refined by repeated deformation and recrystallization. Precipitates of
microalloying elements, if present, restrict the coarsening of recrystallized austenite
grains. However, there is a limit to the degree of austenite grain refinement that can
be achieved in this way. Another possibility is to leave the austenite in a deformed
state before cooling it to induce ferrite transformation. This is done by introducing a
“delay” period after a few initial passes during rolling when the rolling operation is
suspended to allow the temperature of the ingot to fall below a certain temperature
known as the recrystallization temperature, TRX . Rolling is again resumed when
the temperature falls to a predetermined temperature below the recrystallization
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Fig. 3.8 Influence of accumulated strain on the final ferrite grain size for different prior austenite
grain sizes (Dγ) under a constant cooling rate of 1 ◦C s−1 [55]

Fig. 3.9 Relationship between ferrite grain size and austenite grain boundary area (Sv) for
recrystallized and unrecrystallized grains. For the same Sv, a finer ferrite grain structure is obtained
if the austenite is in an unrecrystallized state [56]

temperature usually known as the no recrystallization temperature or TNR. Rolling
at such low temperatures leads to elongated or pancaked austenite grains with larger
austenite grain boundary area per unit volume (SV ) that provides larger number of
nucleation sites and finer ferrite grains as can be seen from Fig. 3.9 [56, 57].

It was observed that when Nb-bearing steels were hot rolled under conventional
rolling conditions, the toughness deteriorated remarkably [53, 54]. However, when
the same steel was finish rolled at lower temperatures (typically below 800 ◦C)
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or was given a total reduction of more than 30% at temperatures lower than
900 ◦C, the corresponding toughness increased to a great extent [53, 54]. This
possibility of carrying out the hot rolling operation at lower temperature gives the
opportunity of obtaining “pancaked” austenite grains (after hot working) which in
turn resulted in finer ferrite grains in transformed product. This type of rolling is
called controlled rolling which differs from the conventional hot rolling in terms
of the formation of ferrite. In ordinary hot rolling, ferrite nucleation takes place on
the austenite grain boundaries only, whereas in controlled rolling, they can nucleate
within the deformed austenite grains as well, resulting in a finer ferrite grain size.
A significant amount of research work has been carried out in the past to gain
fundamental understanding regarding the recrystallization [58, 59], retardation in
recrystallization due to the presence of microalloying elements [60], changes in the
microstructure due to deformation in the non-recrystallized region [61], and so on.

The effect of deformation of austenite in the non-recrystallization region is more
than just an increase in SV . It has been found that for the same SV , the ferrite grains
formed from deformed and unrecrystallized austenite are finer than that formed
from recrystallized austenite (Fig. 3.9) [57]. The austenite grain boundary area per
unit volume increases by a factor of only about two even when the total amount of
deformation reaches 80–90%. However, detailed studies by a number of researchers
suggest that apart from an increase in SV , the deformation enhances the nucleation
potency of austenite grain surfaces [62–65]. Deformation bands and other such
defects that act as ferrite nucleation sites are also introduced within the austenite
grains during such rolling. However, this effect does not occur at relatively smaller
strains. The density of such deformation bands increases rapidly when at least 30%
of deformation is given, and it reduces sharply if the deformation is carried out at
or above 1000 ◦C (Fig. 3.10). The increased density of deformation bands leads to
the nucleation of very fine ferrite grains. Umemoto and Tamura [66] have estimated
that a rolling deformation of 30% and 50% increases the ferrite nucleation rate per
unit area of austenite grain surface by a factor of 740 and 4200, respectively. This
finding can explain the behavior observed by early researchers [53, 54]. However,
the kinetics of recrystallization is very fast for plain C-Mn steel, and the TNR is
also quite low where rolling operation is difficult due to the requirement of high
rolling load. Addition of very small concentration of elements such as Nb, V, and Ti
plays an important role here. The solute atoms and the strain-induced precipitates
of carbide and/or carbonitrides of these elements retard the recrystallization of
austenite. As a result TNR goes up so that rolling can be performed at even high
temperatures in order to get non-recrystallized deformed austenite grains at a lower
rolling load [3] which in turn augments ferrite nucleation rate to give very fine ferrite
grains in the final product [53, 54]. Nb is the most effective microalloying element
that raises the TNR sharply in concentrations up to 0.04 wt%, and therefore, it has
the greatest influence on ferrite grain refinement [3, 27, 35].

However, the deformation need not be limited to single phase austenite region
only. Research revealed that the deformation region can be extended to intercritical
range (γ + α) as well [67]. Besides a continuation of the earlier processes, the
deformation in this case introduces plastic strain in the ferrite. Subsequent recovery
processes in the ferrite produce a sub-grain structure which is another source of
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Fig. 3.10 (a) Variation in austenite grain boundary area and (b) introduction of deformation bands
resulting from reduction in non-recrystallization region; in this 0.03 wt% Nb steel, initial grain size
was varied by rolling in two passes at higher temperatures after reheating to 1250 ◦C [54, 56]

strengthening in these steels. In order to further augment the properties, the cooling
is accelerated at a suitable temperature. This increases the extent of supercooling at
which transformation can take place, and a highly refined structure can be obtained.
Following Tanaka and co-workers, deformation during controlled rolling described
above can be classified into:

(i) Deformation in recrystallized γ region
(ii) Deformation in non-recrystallized γ region

(iii) Deformation in γ − α two phase region, as illustrated schematically in Fig.
3.11 [53, 54]
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Fig. 3.11 Schematic illustration of three stages of controlled rolling process [53, 54]

The advent of different cooling strategies like water spray cooling, laminar
flow cooling, etc. [3] after hot rolling has further enabled the metallurgists to
extend the rolling regime by lowering down the coiling temperature (and hence
the corresponding γ → α transformation temperature) in order to obtain the
desired microstructure. The thermomechanical processing can thus be divided into
three distinct zones: rough rolling, finish rolling, and accelerated cooling with
a possible “delay” period between rough and finish rolling. The rough rolling
can be considered as the deformation given in the temperature region where
recrystallization can take place. On the other hand, the finish rolling can be
considered as the deformation given in the non-recrystallization or in the two-phase
region. The combined extent of deformation in the two distinct stages of hot rolling
is highly suitable for achieving fine grain and pancaked austenite through repeated
recrystallization-deformation cycle and eventually results in fine ferrite grains [53].
Adoption of newer cooling strategies helps accelerated cooling of the rolled material
on the run out table so quickly that the MA carbides/carbonitrides do not get
sufficient time to be precipitated and remain in the solid solution. However, during
holding of rolled material at the coiling temperature, precipitation of corresponding
carbides/carbonitrides of Nb and/V takes place which leads to a great enhancement
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of strength. Considering the effects of such deformation on the final microstructure
after rolling, Tamura et al. [53] have suggested the following:

• To use a low enough reheating temperature just to solutionize the MA car-
bides/carbonitrides but to restrict the significant coarsening of austenite grains;

• To allow a time delay between the roughing and finishing passes so that the
temperature can be lowered below the recrystallization temperature;

• Lowering down the finish rolling temperature to close to 800 ◦C and increasing
the total deformation up to 30% below 900 ◦C;

3.5 Welding of MA Steels

Welding is one of the most important fabrication techniques which provides the final
structure by joining different smaller pieces of the materials. High-strength steels
that are easily weldable can expand the targeted market for any industry sector: be
it for line pipe sector where thousands of kilometers of pipeline are to be joined
for installation or automotive sector where several smaller parts are to be welded
to build up a full component. Ease of welding or good weldability is thus always a
preferred parameter in the final selection of steel grade for a particular application.
However, the improvements in weldability of carbon steels were not the initial
incentives for the development of microalloyed steels, but the opportunities that
microalloying give for improving the weldability by reducing the carbon content
were fairly quickly recognized and became another major driving force for research
[68].

For low-carbon microalloyed steels used for structural applications, among all
the available welding processes, the submerged arc welding (SAW) process and the
manual metal arc welding (MMAW) are the best suited processes [3]. The details of
these welding processes can be found elsewhere [69].

From a metallurgical point of view, carbon equivalent (CE) is one of the most
crucial factors that govern the weldability of the microalloyed steels. It represents
the effects of carbon and other alloys on the hardenability of the steel. The severe
effect of different alloying elements on the critical cooling rate after welding has
been taken into account by the International Institute of Welding (IIW), and the
equation covering a wide range of steels is shown in Eq. 3.16 below [3, 70]:

CE = C + Mn

6
+ Cr + Mo + V

5
+ (Ni + Cu)

15
(3.16)

However, for modern low carbon steels, the modified equation (Eq. 3.17) has
been suggested to be more appropriate [71]:

CE = C + Si

30
+ Mn + Cu + Cr

20
+ Ni

60
+ Mo

15
+ V

10
+ 5B (3.17)
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Fig. 3.12 Graville diagram differentiating the zones in terms of feasibility for welding [71]

The effect of composition on the weldability can be represented on Graville
diagram where total carbon is plotted against the carbon equivalent, and the plot-
area is divided into three regions marked as Zone I, Zone II, and Zone III according
to the ease of weldability with Zone I representing the most easily weldable region
and Zone III the most difficult one (Fig. 3.12) [72]. The above diagram further
elaborates the beneficial effect of low carbon equivalents which permits significant
improvement of the properties of the weld fusion zone and heat- affected zone
(HAZ). Considering the chemical composition of microalloyed steels, usually, the
carbon level does not exceed 0.1 wt. % [17] which indicates that the MA family of
steels typically falls within Zone I, the easy-to-weld region.

Cracking in the HAZ is one of the oldest problems in welding. Different
microalloying elements have a significant role in that respect as well. Vanadium
has a decreasing effect on steel hardenability which leads to a reduction in risk of
cracking [73, [74]]. However, in order to resist different forms of environmental
cracking, HAZ hardening is important [69, 75, 76]. Some interesting trends have
been reported by Hart and Harrison on both the positive and negative effects of
vanadium on the HAZ hardness [69]. It was observed for plain C-Mn steel (without
V addition) that higher HAZ hardness levels (> 325 VHN) can be achieved due
to faster cooling rate in the weld zone, while longer cooling time is responsible
for softer HAZ (hardness values ~250–300 VHN). Addition of vanadium was
found to reduce the HAZ hardness values for faster cooling cycles but improve
the hardness for slower cooling cycle compared with plain C-Mn steels. The
reason can be explained from a viewpoint on the effect of vanadium on austenite
to ferrite transformations. Incomplete and fine precipitation of vanadium carbide
/nitride/carbonitride, as the steel passes through the high-temperature region quickly
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Fig. 3.13 HAZ microstructure with 5 kJ/mm heat input in steels having compositions (wt. %) of
(a) 0.07C, 1.7Mn, 0.43Si, 0.026Al and (b) 0.07C, 1.7Mn, 0.43Si, 0.029Al, 0.16 V [72]

because of faster cooling rate, can pin down the austenite grain boundaries and
prevent austenite grain growth. Thus, it can decrease the hardenability and thereby
the formation of strong and hard phases like martensite and/bainite becomes less
likely which is reflected in lower hardness of HAZ. Precipitate pinning is possible
in case of fast cooling cycle in weld joints where there is a less chance for precipitate
growth as well as dissolution. In case of slower cooling, the vanadium-added
material spends comparatively more time in the high-temperature domain. This
facilitates complete precipitation of carbides/nitrides/carbonitrides of vanadium
which can enhance the HAZ hardness compared with the previous cycle [73].

The addition of V can further change the morphology of microstructure con-
stituents in plain C-Mn steels from predominantly grain boundary nucleated
products to a significant degree of intragranular nucleated products [77, 80]. Figure
3.13 depicts how the addition of V changes the morphology of microstructure in
HAZ for identical heat input (5 kJ/mm). This type of microstructure in the HAZ
of V-added steel is responsible for its improved crack propagation resistance and
ductile to brittle transition temperature [74]. In this fashion, both HAZ and weld
metal microstructures can be modified by the addition of vanadium [73].

On the contrary, Nb doesn’t have any influence on CE, i.e., decreasing the
weldability, as well as cold cracking due to hydrogen. Indeed it improves the
performance of steel in this context [78]. This improvement comes with faster
thermal cycles during welding, where fine distribution of niobium rich precipitates
restricts grain growth in the HAZ resulting in a better microstructure (without hard
martensite) by decreasing the hardenability of austenite. This benefit applies to all
niobium-treated steels with an optimized composition of carbon <0.06 wt. % and
niobium >0.07 wt. % irrespective of the processing schedules [79, 80]. Finer grain
sizes in the HAZ result in improved microstructure and toughness. For a given
chemical composition, finer austenite grain size tends to reduce hardenability which
reduces the formation of brittle martensite after cooling in the weld zone and results
in improvement of toughness. Addition of Nb can help maintain a good Charpy
impact toughness over a large range of heat input as compared with steel without
Nb addition as can be seen in Fig. 3.14 [81].
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Fig. 3.14 HAZ Charpy
impact toughness data from a
0.11 wt% Nb steel directly
compared with that from a
conventional X70 steel (weld
thermal simulation data) [80]

3.6 Forming of MA Steels

One of the major aspects of steel that needs to be considered in order to give
them the desired shape suitable for applications in different industry segments is
the formability. Formability can be defined as the ability of a material to undergo
plastic deformation without being damaged. The ability of plastic deformation in
any polycrystalline materials like microalloyed steels is limited to a certain extent.
Beyond that, the material could experience fracture.

Generally the term formability is applicable to sheet metal forming operations
like deep drawing, cup drawing, bending, etc. where the complicated path of
loading and subsequent complex deformation take place. Sometimes, one part can
experience tensile, and the adjacent part can be under compressive loading or one
surface can be under compression, while the other is in tension, etc. Uniaxial tensile
tests are not a true representation of the formability of sheet metals due to the
involvements of such complex path of deformation acting on the material during
forming operations. Therefore, specific formability tests have been developed
for more appropriate representation of actual loading conditions. The extent of
formability depends on material parameters (like microstructure, anisotropy, etc.)
and the loading conditions.

One of the key tests to understand and optimize the formability, especially for
sheet metal, is the construction of forming limit diagram (FLD) where a grid of
tiny circles or squares is first etched on the surface of the work piece followed by
stretching over a dome-shaped die. In order to induce different state of stress (e.g.,
uniaxial, biaxial, or triaxial), different widths can be taken. Finally, the results are
plotted as a function of major strain versus minor strain [82–88]. A representative
FLD of a typical microalloyed steel (with nominal composition in wt%: C-0.07,
Mn 0.3, Si 0.02, Cr 0.03, Mo 0.02, Ti 0.1, Al 0.05) is shown in Fig. 3.15 where
the hatched region is the zone of safe working where no failure is expected.
However, different modes of failure (wrinkling or shearing) can appear at different
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Fig. 3.15 A schematic
forming limit diagram (FLD)
for MA steel for a nominal
composition (wt. %):
C ~ 0.07, Mn ~ 0.3, Si ~ 0.02,
Cr ~ 0.03, Mo ~ 0.02,
Ti ~ 0.1, Al ~ 0.05 showing
different modes of failure at
different regions

combinations of strain outside this zone. The upper part of the safe zone represents
necking and fracture.

A material with higher anisotropy is preferred in forming operation like deep
drawing because of the difference in the straining conditions between the flange and
the cup wall sections. Furthermore, the average flow stress is decreased with the
increment of normal anisotropy [89]. Microstructural features (like volume fraction
and morphology of different phases, their orientation, grain size, etc.), another set
of parameters which can control the anisotropy and thus can influence the final
formability to a great extent, are heavily dependent on the chemical composition
of the steel as well as on the thermomechanical processing. For example, coiling
temperature is an important parameter which can influence the formability of
steel. Thus, the formability would deteriorate for Nb-microalloyed steel if it is
processed at a low coiling temperature as that will increase the strength and alter the
mechanism of strain aging [90]. On the contrary, V-microalloyed steels show good
formability at lower coiling temperatures. This situation arises due to the different
rate of removal of interstitial elements like C and N during the coiling treatment. In
the vanadium grades, the precipitation temperatures of the corresponding carbides
or nitrides are in the temperature range of the coiling operation. This leads to
significant removal of carbon and nitrogen atoms from the matrix during coiling.
On the other hand, such precipitation temperatures for Nb-microalloyed steel are
comparatively higher. This phenomenon gives a good formability in V-microallyed
steels compared with the Nb grades [90].

However, fine niobium carbide (NbC) refines the prior austenite grains leading
to the promotion of uniform fine mixed ferrite-bainite matrix by decreasing the
hardenability of austenite. This microstructure shows excellent stretch flangeability
of the steel which is another measure of formability. Transformation-induced
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plasticity (TRIP) steels are also well recognized for their high formability without
sacrificing strength due to the effect of deformation-induced transformation of
retained austenite to martensite [91, 92]. It was observed that the addition of Nb
in the range of only 0.08–0.11 wt% followed by austempering at low temperatures
(300–350 ◦C) can improve the stretch flangeability in TRIP steels significantly. It is
considered that the improvement in flangeability is associated with the refinement
of austenite grain structure and an increase in volume fraction of proeutectoid ferrite
in the final microstructure [93].

Grain size and grain orientation of the final microstructure also play important
roles in determining the formability. It was observed that in Nb-Ti-added steels,
good combination of strength and formability is a cumulative contribution of
fine grain size and the significant intensity of the desired {332} < 112> texture
component that nullifies the undesirable {110} < 011> texture components [94].
During some manufacturing situations, edge formability (defined as the ability of
steel to be stamped into a part without failure by fracture or excessive thinning) is
influenced by a number of factors which can include inclusions, microstructural
banding, grain size distribution, and constituents of the microstructure. In such
situations as well {332} < 112> texture component was proven as the most beneficial
among [95] all the transformation textures in order to achieve good deep drawability
without hampering strength and toughness.

3.7 Summary

In this chapter, the evolution and development of microalloyed steels have been
presented. The roles of different microalloying elements have been discussed in
terms of tailoring the microstructures. The concept of solubility product has been
described in detail for calculation of precipitation of some common carbides and
nitrides of typical microalloying elements (Nb, V, and Ti) at any temperature.
Formation of different types of precipitates, ordinary or interphase, has been
discussed briefly. Different types of strengthening mechanisms prevailing in this
type of steel, their individual contribution toward final strength of the material, and
how this can be quantified were shown in detail. Different microalloying elements
actively participate in precipitation strengthening depending upon their formation
temperatures which is governed by the solubility product of the elements along
with the interstitials. On the other hand, these precipitates enhance grain boundary
strengthening by pinning down the grain boundaries and restricting the grain growth.
The industrial hot rolling for processing of the microalloyed steels, the evolution
of microstructure, and the effect of different microalloying elements have been
elaborated at length. Two major application-oriented characteristics, namely, the
formability and weldability were discussed briefly to highlight the advantages of
this genre of steel.
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Chapter 4
Advanced High-Strength Sheet Steels for
Automotive Applications
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Abbreviations

AHSS Advanced high-strength steels
AUST SS Austenitic stainless steels
BH Bake hardening
CCT Continuous cooling transformation
CP Complex phase
CS Cold spot
DP Dual phase
DQ Drawing quality
EDS Energy-dispersive spectroscopy
HER Hole expansion ratio
HS Hot spot
HSLA High-strength low alloy
IA Intercritical annealing
IF Interstitial free
L-IP Lightweight steels with induced plasticity
Low C Low carbon
M Martensite
PHS Press-hardenable steels
PT Partitioning temperature
Q&P Quenching and partitioning
Q&T Quench and tempered
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QT Quenching temperature
RA Reduction in area
SAZ Shear-affected zone
SFE Stacking fault energy
TBF TRIP bainitic ferrite
TE Total elongation
TEl Total elongation
TRIP Transformation-induced plasticity
TS Tensile strength
TWIP Twinning-induced plasticity
UEl Uniform elongation
YPE Yield point elongation
YS Yield strength

Symbols

Ms Martensite start temperature
Mf Martensite finish temperature
Minitial quench Initial martensite fraction based on Koistinen-Marburger equation
Md Temperature at which no transformation of austenite occurs
M30

d Temperature at which 50 pct of the originally present austenite
volume fraction transforms to martensite at an applied strain of
30 pct

Mσ
s Deformation temperature where the yield strength of the austenite

equals the required stress for transformation to occur
f∝′ Fraction of martensite
εtrue True strain
Ci Initial alloy carbon content
Cγ Austenite carbon content
Cm Martensite carbon content
TA Isothermal annealing temperature
γfinal Austenite fraction following Q&P heat treating and assuming

“idealized” partitioning

4.1 Introduction

Substantial research and implementation efforts are underway toward the devel-
opment and application of advanced high-strength steels (AHSS) for automotive
applications. These steels enable low-cost strategies to vehicle lightweighting
by use of thinner sections that guarantee vehicle crash-worthiness and occupant
protection while contributing to increased fuel efficiency. Consumer expectations
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Fig. 4.1 Situation of tensile properties envelopes for conventional, first-generation AHSS
transformation-induced plasticity (TRIP), dual-phase (DP), complex phase (CP), and martensitic
(MART) steels, and second-generation twinning-induced plasticity (TWIP), lightweight steels with
induced plasticity (L-IP), and austenitic stainless (AUST SS) steel grades on a total elongation
versus tensile strength diagram [6, 7]

and regulatory pressure are driving increased emphasis on fuel efficiency and
reduced tailpipe emissions [1–5].

The steel industry has responded to these needs and challenges by developing a
variety of AHSS exhibiting varying strength and formability, alloy compositions,
and microstructures. An overview of various AHSS grades is depicted in Fig.
4.1 on a total elongation versus tensile strength diagram [6, 7]. Dual-phase (DP),
transformation-induced plasticity (TRIP), complex (CP), or multiphase steels are
examples of AHSS commercially available at a variety of strength levels. The
nomenclature has developed to further classify the grades into subcategories –
first and second generation AHSS with DP, TRIP, CP and martensitic steels
making up the first generation. These grades are characterized by lean alloying and
heat-treating strategies to develop high-strength and high-ductility microstructures.
First-generation AHSS have made substantial inroads into vehicle architectures
as reflected in the pie charts shown in Fig. 4.2 for 2004 and 2017 steel usage
breakdown for the same vehicle model, namely the Chevrolet Malibu [8, 9]. A
reduction in the overall use of mild steel and replacement with AHSS is clearly
observed. Lightweight metals also see an increase albeit at a more modest level in
this selected example. Other vehicle architectures have chosen more intensive use of
lightweight metals, in particular, aluminum for the body-in-white (BIW) [10–12].

The so-called second-generation AHSS employ high alloying levels to develop
fully austenitic microstructures exhibiting high strength and exceptional ductility.
Examples of these types of steels are twinning-induced plasticity (TWIP) and
austenitic stainless [13]. Overall these grades have seen much less widespread
implementation, predominantly due to increased cost and difficulties in processing.
This chapter will review AHSS typically used for structural components in vehicle
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Fig. 4.2 Comparison of breakdown of steel grades used in a Chevrolet Malibu over time from
2004 to 2016 [8, 9]

Fig. 4.3 Situation of the future opportunity third-generation AHSS tensile properties’ envelope
with respect to other steel grades on an elongation versus tensile strength diagram [6, 7]

architectures. A review of automotive steels for closures such as interstitial free (IF),
bake hardening (BH), and drawing quality (DQ) grades can be found elsewhere [14].

More recently research and development efforts have been dedicated toward the
development of so-called third-generation AHSS [6, 15]. This generation of steels is
being developed to address the properties gap situated between the first-generation
AHSS (i.e., DP, TRIP, CP, etc.) and martensitic steels, and the fully austenitic
second-generation AHSS as shown in Fig. 4.3 by use of leaner chemistries than
typically employed for the later-generation AHSS.

The above-discussed steel grades enable or are being developed for stamping
operations where no additional thermal processing is required and the stamping
takes place at room temperature. Another route which has seen widespread imple-
mentation is the so-called hot stamping or press hardening where the material
is deformed at high temperature and accelerated cooled to set the final high-
strength martensitic microstructure. This chapter will review various AHSS grades
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in addition to hot stamping. Alloying, microstructures, and processing will be
discussed.

4.2 Dual-Phase Steels

Dual-phase (DP) steels [16–18] have seen the most widespread use as AHSS
in current vehicle architectures as illustrated in Fig. 4.2 [9]. The microstructure
consists of ferrite and martensite as shown in Fig. 4.4 [19], and varying volume
fractions of martensite are developed by using different reheating temperatures,
which result in varying achievable strength levels and tensile properties. A range of
strength levels can be achieved and are commercially available, e.g., DP590, DP780,
DP980, and DP1180. The heat treatment involves reheating in the intercritical phase
field and cooling to form martensite. Figure 4.5 shows processing thermal paths for
cold-rolled (Fig. 4.6a) and hot-rolled (Fig. 4.6b) DP steels [20].

Fig. 4.4 Microstructures of DP steels quenched from (a) 775 ◦C and (b) 800 ◦C. Martensite (M)
is straw color and ferrite is white, fine-retained austenite (A) also indicated [19]

Fig. 4.5 Temperature-time plots for (a) cold-rolled and (b) hot-rolled DP steels [20]
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Fig. 4.6 Tensile strength and 0.2 pct offset flow stress as a function of percent (by volume)
martensite for various Fe-C-Mn alloys and quenched from different intercritical annealing
temperatures [22]

Judicious alloying is required to set hardenability for the desired microstructural
requirement toward mechanical properties, and the levels of required alloying
are processing dependent. Carbon, manganese, chromium, and molybdenum are
prevalent additions [21]. Some fractions of bainite may be present depending on
the effectiveness of the cooling step and the corresponding alloy design. Dual-phase
steels are usually characterized by lean alloying, in particular, compared to TRIP
steels and good weldability results, which has contributed to the widespread use of
DP steels. Furthermore, the change in the ferrite fraction present at the intercritical
annealing temperature allows for flexibility in setting strength levels. Data compiled
by Davis [22] shown in Fig. 4.6 for a variety of Fe-C-Mn chemistries constituting
in particular carbon alloying modifications show that strength levels increase with
martensite level present or, conversely reduced intercritical ferrite levels. As shown
in Fig. 4.6, the 0.2 pct offset flow stress and tensile strength for a variety of
intercritical annealing temperatures and DP chemistries increase with increasing
martensite fraction.

An example engineering stress-strain curve of a dual-phase steel is shown in
Fig. 4.7 [23] and is compared to the engineering stress-strain curves of a plain
carbon and high-strength low-alloy (HSLA) steel. Clearly greater tensile strength
levels develop in a DP steel compared to the plain carbon predominantly ferritic
steel and in this example similar to the included HSLA steel. The yielding behavior
and strain hardening of the DP steel are however clearly different. Yielding at
strength levels intermediate between the yield strength of the HSLA and plain
carbon steel is followed by substantial strain hardening to equivalent ultimate tensile
strength levels as the HSLA steel in this example. Round-house yielding behavior
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Fig. 4.7 Engineering stress-strain curves for plain carbon, HSLA, and DP steels. (Redrawn from
[23])

Fig. 4.8 TEM micrographs of DP microstructures showing dislocations (a) near a martensite-
ferrite interface and (b) in a single ferrite grain away from the interface [24]

is observed characteristic of DP steels whereas the HSLA and plain carbon steels
show yield point elongations. The round-house yielding results from the presence
of mobile dislocations in DP microstructures introduced in the microstructure from
the martensitic shear transformation and volume expansion–generating dislocations
in the ferrite which remain unpinned during quenching and are mobile upon tensile
testing. Figure 4.8 shows transmission electron micrographs of a DP steel where
dislocations are abundantly present near the martensite-ferrite interface whereas a
much lower density is observed away from the interface in the ferrite [24].
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4.3 Transformation-Induced Plasticity Steels

Another family of first-generation AHSS is the transformation-induced plasticity
or TRIP steels albeit these steels have seen less widespread applications in vehicle
designs compared to DP steels. The TRIP effect refers to the transformation upon
straining of meta-stable austenite [25], which positively impacts strain hardening
and postpones necking to higher levels of strain. Metastable austenitic stainless
steels such as AISI 304 exhibit the TRIP effect, and martensite progressively
develops in the initial fully austenitic microstructure with increased strain resulting
in increased strain hardening and superior formability [25]. Low-carbon TRIP steels
for automotive BIW applications were developed to employ the TRIP effect in
leaner and more cost-effective alloy chemistry. For instance, nickel is usually not
added and manganese is added in limited quantities for hardenability rather than
for austenite retention purposes. An austenite fraction of 10–20 vol pct is retained
at room temperature by enrichment with carbon, which takes place during bainitic
transformation. A heat-treating schematic to produce a low-carbon TRIP steel is
provided in Fig. 4.9 [26].

Following reheating in the intercritical temperature range, the steel is accelerated
cooled and held at a temperature in the bainitic transformation regime to develop a
microstructure containing intercritical ferrite, bainitic ferrite, and retained austenite.
As carbon is supersaturated in the bainitic ferrite, it needs to be rejected from the
ferrite to alleviate the supersaturation. In the absence of alloying with Si and/or Al,
this is done by the precipitation of cementite in the bainitic laths or in between the
laths. The supersaturation can also be alleviated by stimulating the enrichment of
the austenite remaining in the microstructure that requires alloying with Si and/or
Al to suppress the formation of cementite due to its insolubility in cementite which
reduces its growth kinetics [27]. Cementite suppression results in the remaining
carbon available to enrich in austenite and as carbon is rejected from the growing

Fig. 4.9 Schematic of the thermal cycle for low-carbon TRIP steel processing, from [26]
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Fig. 4.10 Low-carbon TRIP steel microstructures showing (a) laths of bainitic ferrite and retained
austenite and (b) a blocky retained austenite grain. Reproduced from [28]

bainitic laths, it enriches the remaining austenite and stabilizes it by lowering its
martensite start temperature (Ms) as illustrated schematically in Fig. 4.9.

Representative TRIP steel microstructures are shown in Fig. 4.10 [28] where
bainitic laths can be observed containing dislocations and where the darker laths
were identified as austenite in Fig. 4.10a. A triangular grain of austenite is also
included in Fig. 4.10b. The austenite is metastable, i.e., the austenite is retained at
room temperature due to carbon enrichment but will transform to martensite when
strain (or stress) is applied and is referred to as strain-induced (or stress-assisted)
transformation. The degree of strain-induced transformation is strain dependent,
and the evolution of the martensite fraction is shown in Fig. 4.11 as a function
of true strain for three TRIP steel chemistries containing Si, Al, and a combination
thereof [28]. The strain-induced martensite evolution with respect to strain exhibits
a sigmoidal behavior that has been plotted using the Olson-Cohen model which
assumes martensite embryos to form following the generation of nucleation sites
such as shear-band intersections in the form of mechanical twins, dense stacking-
fault bundles, and ε martensite [29]. A martensitic embryo is then able to nucleate
on these intersections as more mechanical work is imparted. The sigmoidal behavior
has been fitted with the Olson-Cohen model as expressed by according to [29]:

fα’ = 1 − exp
[−β

[
1 − exp (−αε)

]n] (4.1)
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Fig. 4.11 Strain-induced martensite fraction (fα’) as a function of true strain (εtrue) for 0.24C-
1.61Mn-1.45Si (CMnSi), 0.25C-1.70Mn-0.55Si-0.69Al (CMnSiAl), and 0.22C-1.68Mn-1.49Al
(CMnAl) steels, plotted from data in [28]. Steel chemistries are in wt pct

Fig. 4.12 (a) Bright-field and (b) dark-field TEM micrographs of a mechanical partially trans-
formed austenite grain in a TRIP steel. Dark-field reflection taken from a martensite spot to
illuminate the strain-induced martensite. From [30]

where fα’ is the fraction of martensite; α, β, and n are fitting parameters with α

related to the generation of nucleation sites; β relates to the driving force for the
γ → αM transformation; and n is a stereological parameter. Figure 4.12 shows
micrographs of a TRIP steel following deformation with Fig. 4.12a showing a bright
field TEM micrograph and Fig. 4.12b a corresponding dark field micrograph where
reflection from a martensite/ferrite spot was used to illuminate the strain-induced
martensite formed within the austenite [30]. It can further be noted that dislocations
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Fig. 4.13 (a) Engineering stress-strain curves and (b) corresponding instantaneous strain hard-
ening (n-value) as a function of true strain for 0.24C-1.61Mn-1.45Si (CMnSi), 0.25C-1.70Mn-
0.55Si-0.69Al (CMnSiAl), and 0.22C-1.68Mn-1.49Al (CMnAl) steels [31]. Steel chemistries are
in wt pct

were generated at the strain-induced martensite/ferrite boundary in the ferrite. These
dislocations help to harden the steel and improve strain hardening. Engineering
stress-strain curves and corresponding instantaneous strain hardening (n-value) are
shown from three TRIP steels in Fig. 4.13 [31]. Note that the corresponding retained
austenite evolution with strain was presented in Fig. 4.11 for these steels. The degree
of improved strain hardening is dependent on the austenite stability as reflected by
comparing Figs. 4.13 and 4.11. It can be seen that the austenite in the CMnSi steel
shows the least stability, i.e., the greatest rate of martensite formation with strain
(Fig. 4.11) resulting in a continuously decreasing rate of strain hardening (Fig.
4.13). The CMnAl steel exhibits the slowest transformation with strain, i.e., greatest
mechanical stability, and results in n-values increasing with strain up to high levels
that postpone necking to greater levels of strain, and the highest uniform elongation
is observed for this steel compared to the other steels. The CMnSiAl alloy exhibits
intermediate mechanical stability of the austenite and strain hardening.

In addition to the Ms temperature as a measure for the thermal stability of the
austenite against transformation to martensite, the Mσ

S , M30
d , and Md temperatures

have been introduced [32–36] to assess the mechanical stability of the austenite
against transformation upon mechanical loading. A schematic of stress required for
austenite to martensite transformation to occur as a function of temperature situating
these various temperature parameters is shown in Fig. 4.14 [37]. Undercooling
below the Ms temperature is sufficient to induce martensite transformation without
the application of load or requiring deformation to transform the austenite. At
temperatures above the Ms temperature, the austenite may be transformed by
loading the material. If transformation occurs prior to the yielding of austenite,
the transformation is stress assisted, and increased stress levels are required with
increasing testing temperatures. At greater temperatures, yielding of the austenite
will occur prior to martensite formation, and the transformation is referred to
as strain induced. The Mσ

S temperature delineates the stress-assisted from the
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Fig. 4.14 Schematic
representation of (a) stress
required for transformation to
occur as a function of
temperature where the MS,
Mσ

S , and Md temperatures are
identified [37], (b)
engineering stress-strain
curve when stress-assisted
transformation occurs, and (c)
yielding associated with
strain-induced transformation
[31]
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strain-induced transformation temperature range. Stress-assisted transformation of
austenite into martensite occurs upon applying stress, and martensite nucleates on
preexisting nucleation sites; transformation occurs prior to plastic deformation and
yielding of the austenite. Increased stress levels are required for transformation
with temperature at which the material is loaded. Strain-induced transformation
is preceded by yielding of the austenite and the generation of nucleation sites for
martensite. The Mσ

S temperature corresponds to the deformation temperature where
the yield strength of the austenite equals the required stress for transformation to
occur. If the steel is loaded at temperatures greater than the Mσ

S temperature, the
stress required to induce austenite transformation exceeds the yield strength of
the austenite, and, therefore, plastic deformation of the austenite occurs prior to
transformation. Increased stress levels for transformation are again required with
increasing testing temperature albeit a nonlinear relationship between the required
stress and temperature developing. The transition from stress-assisted to strain-
induced transformation is characterized by a change in yielding behavior where a
plateau is observed in the stress-assisted transformation temperature regime below
Mσ

S and round-house yielding at temperatures exceeding Mσ
S as illustrated in Fig.

4.14. The plateau in the stress-strain curves directly relates to the transformation
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from austenite into martensite, which is associated with a sudden volume increase.
The difference in yielding behavior enables determining the Mσ

S temperature
experimentally using the single-specimen temperature-variable tension test (SS-TV-
TT) [33, 34]. At a certain temperature, referred to as Md, no transformation of
austenite occurs, and only plastic deformation exists. An intermediate temperature,
the so-called M30

d temperature, has been defined as the temperature at which 50 pct
of the originally present, i.e., in the unstrained condition, austenite volume fraction
will transform to martensite at an applied strain of 30 pct. The M30

d temperature is
a measure of the overall austenite stability where a high M30

d temperature is related
to low mechanical stability of the austenite and has been shown to be related to
the chemical composition of the austenite, in particular, carbon content and overall
TRIP steel chemistry [28].

As vehicles in service may experience deformation at high strain rates (~102/s)
during, e.g., vehicle collisions, it is important to assess tensile properties at strain
rates far exceeding typical quasi-static strain rates employed in tensile tests (on the
order of 10−4/s). These strain rates are so elevated that insufficient time is available
for heat dissipation and adiabatic heating may occur. The austenite transformation is
susceptible to relatively small changes in temperature, and adiabatic heating of the
steel results in reduced transformation behavior, i.e., greater austenite stability. This
in turn affects the dynamic stress-strain behavior and amount of energy absorbed
during a crash. A comparison of energy absorption during dynamic testing as a
function of dynamic tensile strength for a variety of steel grades is shown in Fig.
4.15 [38]. The energy values were obtained by assessing the surface area under
dynamic stress-strain curves generated on a split-Hopkinson bar test in tension [38,
39]. TRIP steels show superior behavior compared to structural, low-carbon (low C),
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Fig. 4.15 Absorbed energy under dynamic loading situating TRIP steel performance with respect
to structural, low-carbon (low C), and dual-phase steels [38]
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Fig. 4.16 (a) Engineering stress-strain curves obtained by testing at a quasi-static strain rate
of 10−4/s and dynamic at 1252/s by split-Hopkinson bar testing in tension, (b) strain-induced
transformation as a function of strain for isothermal testing at room temperature and calculated
effect of adiabatic heating during dynamic testing on martensite evolution superimposed on the
dynamic stress-strain curve shown in (a) [40]

Fig. 4.17 (a) Schematic of a 12-sided component for drop-weight testing, and (b) welded
components prior to testing [41]

bainitic, and DP steels. Examples of engineering stress-strain curves under quasi-
static and dynamic testing are shown in Fig. 4.16a [40]. Superior strength levels,
elongation, and absorbed energy develop under dynamic loading. Figure 4.16b
shows the calculated effect of adiabatic heating on the strain-induced martensite
evolution with strain during dynamic loading. Reduced kinetics are clearly observed
compared to the martensite evolution at room temperature, and these reduced
kinetics are believed to be involved in the superior dynamic energy absorption by
TRIP steels as shown in Fig. 4.15.

In addition to dynamic tensile properties, components may be tested to assess
crashworthiness and enable comparison of steel grade performance for crumple
zone applications. To this end, components may be tested as shown in Fig. 4.17
[41] in a drop tower apparatus where a weight is dropped from a prescribed height
and the reduction in height after axial crash testing is assessed. Photographs of the
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Fig. 4.18 Components after crash testing showing the response of (a) HSLA 440, (b) DP 590, and
(c) TRIP 780 [41]. The crush distances representing the height difference between the component
prior and after crash testing are also shown. (Adapted from [41])

components following interaction with the weight are shown in Fig. 4.18 where
various steel grades are compared namely HSLA, DP, and TRIP steels at a variety
of strength levels. The crush distance, i.e., the difference between the height of
the component prior to impact and after impact, is also indicated where the lower
strength HSLA material shows the greatest compaction following the weight drop,
followed by DP and TRIP steels. Further analysis of this test can include assessment
of crack formation in the crushed component.
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4.4 TRIP-Bainitic Ferrite Steels

A further development from low-carbon TRIP steels are the so-called TRIP-bainitic
ferrite (TBF) steels which again rely on the TRIP effect for improved work
hardening and tensile elongation at strength levels exceeding typical levels observed
for low-carbon TRIP steels. The difference in strength results from reduced or
absent intercritical ferrite volume fractions. A heat-treating schematic for TBF
steels is shown in Fig. 4.19, where reheating following cold rolling is in the fully
austenitic rather than the intercritical region [42]. The reheating step is followed by
isothermal holding and quenching to room temperature. The isothermal hold can be
done at a variety of temperatures and results in austempering or the introduction
of some initial martensite (depending on the temperature) followed by further
austenite decomposition in low-temperature transformation products. TRIP steel
compositions are suited for TBF processing, and retained austenite is present in
resulting microstructures stabilized by carbon enrichment resulting predominantly
from a bainitic transformation. TBF steels show attractive properties as shown
in Fig. 4.20 which plots tensile properties as a function of holding temperature
(referred to as annealing temperature, TA, in Fig. 4.19) for a fixed holding time
of 200 s. Increased strength levels evolve with lower holding temperatures along
with reduced total and uniform elongation. TBF steels are attractive third-generation
AHSS as evident from their mechanical properties.

Fig. 4.19 Processing schematic detailing hot rolling, cold rolling, and annealing for a 0.20C-
1.51Si-1.51Mn (wt pct) TBF steel [42]
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Fig. 4.20 Yield strength (YS), tensile strength (TS), their ratio (YS/TS), uniform (UEl), and total
elongation (TEl) reduction in area (RA) as a function of isothermal annealing temperature (TA)
shown in Fig. 4.19 and a holding time of 200 s [42]

4.5 Quenching and Partitioning Steels

Another important family of third-generation AHSS constitutes the quenching and
partitioning (Q&P) steels [43–45]. Q&P steels have a martensitic microstructure
containing film-like retained austenite. Intercritical ferrite may also be present.
A heat-treating and microstructural evolution schematic of Q&P is provided in
Fig. 4.21. Reheating can be performed in the intercritical region or result in full
austenitization as shown in the schematic and is followed by quenching at a
temperature intermediate between the martensite start and finish temperatures. At
this so-called quenching temperature (QT), the microstructure consists of martensite
and any remaining austenite. The latter phase is stabilized by carbon enrichment
during a secondary step at the same or a higher temperature. This secondary heat-
treating step is referred to as the partitioning step, which aims at carbon enrichment
of austenite by carbon transfer from the martensitic matrix. Quenching to room
temperature may result in some additional martensite formation depending on the
level of austenite stabilization and carbon enrichment.

Example micrographs of Q&P microstructures are shown in Fig. 4.22 [47,
48]. The microstructure consists of fine martensitic laths with a high dislocation
density and austenite with a film-like appearance, separating the martensite laths
as shown in the dark-field TEM micrograph in Fig. 4.22b illuminated using an
austenite reflection. The bright-field image included in Fig. 4.22c clearly also shows
transition carbides present. Quantitative analysis using Mössbauer spectroscopy
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Fig. 4.21 Schematic illustrating the quenching and partitioning heat-treating process. QT is the
quenching temperature, PT is the partitioning temperature and Ms and Mf are the martensite start
and finish temperatures, respectively. Ci, Cγ, and Cm refer to the carbon contents of the initial
alloy, austenite, and martensite, respectively [46]

[49] has indicated that lower levels of η transition carbides are observed in Q&P
versus quench and tempered (Q&T) steels for the same partitioning/tempering
conditions. This indicates that carbon supersaturation of martensite is relieved by
carbide formation in Q&T steels whereas carbon transport to austenite and its
resulting retention are predominantly operating in Q&P steels. Retained austenite
levels superior to levels obtained following Q&T were also observed in this study
[49]. These results suggest that both carbon partitioning from martensite into
austenite and carbide precipitation are active mechanisms toward alleviating carbon
supersaturation of martensite.

The effect of the quenching temperature (QT) on the fraction of austenite
that can be retained assuming full carbon depletion of martensite and enrichment
into the austenite is shown in Fig. 4.23. A maximum fraction is obtained for
an “optimal” QT. This optimum QT is obtained by considering the fraction of
martensite forming as a function of the offset with the Ms temperature and the
carbon available in the formed martensite. Assumption of full carbon depletion of
the martensite or “idealized” partitioning enables determination of the optimum QT
and corresponding fraction [50]. Further details on the methodology and calculation
can be found in [50].

Example engineering stress-strain curves are shown in Fig. 4.24 for a 0.3C-3Mn-
1.6Si (wt pct) alloy processed by Q&P heat treating following full austenitization.
It should be noted that this alloy chemistry is richer than traditional TRIP steel
chemistries. The latter have been employed extensively to study Q&P heat-treating
responses as they are suited for Q&P processing given the presence of cementite
retarding alloying elements such as Si. High ultimate tensile strength levels approx-
imating 1500 MPa and total elongation over 16 pct are apparent in the engineering
stress-strain curves shown in Fig. 4.24. The curves show round-house yielding with
high yield strengths and substantial amounts of strain hardening.
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Fig. 4.22 TEM micrographs of Q&P microstructures of a Fe-0.20C-1.63Mn-1.63Si (wt pct)
composition QT: 240 ◦C, PT: 400 ◦C, Pt: 120 s. (a) Bright-field and (b) dark-field images taken
using an austenite reflection, (c) bright-field image of a Q&P microstructure showing the presence
of transition carbides (QT: 240 ◦C, PT: 300 ◦C, Pt: 120 s) [47, 48]. QT quenching temperature, PT
partitioning temperature, Pt partitioning time
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Fig. 4.23 Predicted phase
fractions for a 0.19C steel
containing 50 vol pct
intercritical ferrite versus
quenching temperature. The
austenite fraction following
Q&P heat treating and
assuming “idealized”
partitioning is shown in bold
as γfinal. The initial martensite
fraction is shown based on
the Koistinen-Marburger
equation as Minitial quench and
corresponding remaining
austenite at this stage as
γinitial quench. The martensite
forming during final
quenching due to insufficient
carbon stabilization is shown
as Mfinal quench [50]
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Fig. 4.24 Engineering
stress-strain curves obtained
in Fe-0.3C-3Mn-1.6Si (wt
pct) alloy Q&P heat treated
following full austenitization
using a quenching
temperature of 200 ◦C and
the indicated partitioning
conditions [51]
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4.6 Medium Manganese Steels

Another third-generation AHSS concept are the medium manganese steels typically
containing 5–12 wt pct Mn and are based on a concept proposed by Miller [52]. The
heat treating for these steels consists of reheating and holding in the intercritical
region to establish fractions of ferrite and austenite and to stimulate diffusion of
manganese (and carbon) solute from ferrite into austenite, thereby stabilizing it
to room temperature. Depending on the effectiveness of the heat treatment, all
of the austenite present at high temperature can be retained to room temperature.



4 Advanced High-Strength Sheet Steels for Automotive Applications 133

Fig. 4.25 TEM micrographs of a 0.11C-5.7Mn steel intercritically annealed at 600 ◦C for 1 hr.
after (a) hot rolling, and (b) cold rolling [52]

An optimal intercritical annealing temperature can be calculated assuming full
partitioning of solute between ferrite and austenite [53]. TEM micrographs of
medium manganese steel microstructures are shown in Fig. 4.25 where intercritical
annealing was done following hot rolling (Fig. 4.25a) and cold rolling (Fig. 4.25b),
respectively, at a temperature of 600 ◦C for 1 h. Lath-like ferrite and austenite are
apparent following the application of the intercritical heat treatment after hot rolling
reminiscent of the martensitic hot band microstructure whereas equiaxed grains of
ferrite and austenite develop following intercritical annealing of the cold rolled
condition. Low dislocation densities in the ferrite are observed in both cases and
far less than observed in a (cold-rolled) martensitic microstructure.

The intercritical annealing heat treatment has been explored using simulated and
industrial batch annealing and continuous annealing. Thermal profiles shown in Fig.
4.26 representing batch annealing have been applied to enable effective intercritical
annealing with solute partitioning approximating equilibrium levels [54]. More
recently, cycles reflective of continuous annealing have been pursued, and austenite
was effectively retained at room temperature resulting from solute enrichment as
indicated by the TEM micrograph shown in Fig. 4.27 [55]. Energy-dispersive
spectroscopy (EDS) analysis along a line scan on the micrograph clearly indicates
manganese enrichment in the austenitic region following short time annealing of
180 s in the intercritical temperature range.
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Fig. 4.26 Example annealing cycles employed in [54] to assess intercritical annealing of medium
manganese steels using batch annealing. Cold-spot (CS) and hot-spot (HS) temperature-time
evolution illustrated

Austenite amount and stability are important for tensile properties. Figure 4.28a
shows the mechanical stability of retained austenite measured in a 0.1C-7Mn (wt
pct) steel intercritically annealed for 1 week at a variety of temperatures [56].
Corresponding engineering stress-strain curves using the same color coding are
included in Fig. 4.28b, and a family of stress-strain curves develops. Both mechan-
ical stability of retained austenite and tensile behaviors are greatly dependent
on the employed annealing temperature. The lowest intercritical annealing (IA)
temperature of 575 ◦C shows a large yield point elongation (YPE) followed by
limited strain hardening and intermediate elongation. At a higher IA temperature,
the YPE decreases, and substantial strain hardening follows leading to very high
elongation levels (e.g., 600 ◦C). IA at an even greater temperature of 675 ◦C results
in a markedly different shape of the stress-strain curve where YPE is absent, yielding
occurs at a much lower stress level, and very rapid strain hardening results in failure
at much lower elongation levels. The corresponding retained austenite evolution
with strain indicates that the mechanical stability of the austenite substantially
impacts the stress-strain behavior, in particular, strain hardening where intermediate
stability results in substantial strain hardening and high elongation levels. Low
stability (e.g., at an IA of 650 ◦C) results in very pronounced strain hardening over
a limited strain range resulting in the high ultimate tensile strength levels but low
elongation levels.
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Fig. 4.27 EDS and TEM micrographs of a Fe-0.05C-6.15Mn-1.4Si-0.04Al (wt pct) steel intercrit-
ically annealed at 680 ◦C for (a) 180 s and (b) 24 hr. [55]

4.7 Press-Hardenable Steels

Another important industrial technology is press hardening or hot stamping that
enables the manufacturing of high-strength martensitic components with complex
geometries. An example BIW where press-hardenable steels (PHS) are widespread
is shown in Fig. 4.29. A number of antiintrusion components such as door beams,
pillars, etc., employ PHS steels. Press hardening circumvents the challenge of
reduced ductility associated with higher strength levels by forming complex parts at
high temperatures where high ductility exists in the austenitic phase field, followed
by accelerated cooling in the dies to set the final, martensitic microstructure
exhibiting high strength that will enhance vehicle performance in anti-intrusion
components. Unlike the prior steels discussed, the properties of press-hardenable
steels are set following shaping of the component. Hot stamping is particularly
instrumental for components requiring the use of dies with tight radii that may
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Fig. 4.28 Mechanical stability of retained austenite and tensile behavior of a 0.1C-7.1Mn (wt pct)
steel intercritically annealed for 168 hours at various IA temperatures. (a) Austenite fraction as a
function of engineering strain and (b) corresponding engineering stress-strain curves with initial
austenite fractions (vol pct) indicated in brackets [56]
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Fig. 4.29 BIW showing application of PHS steels in various locations [59]

induce failures at the edge of the die and where springback is of concern [57,
58]. PHS processing can be done with cooling taking place immediately following
forming using the same die sets that remain closed to accelerate cool the part
following sheet forming. Alternately, it can be done in two steps where forming is
done in one set of dies, and the formed component is transferred to a secondary
die set which will cool the part and where the final microstructure will be set.
Schematics of both processing routes are shown in Fig. 4.30 and are referred to
as direct and indirect press hardening, respectively [59].
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Fig. 4.30 Schematic of the hot stamping processing: (a) direct and (b) indirect [59]

In order to establish a fully martensitic high-strength microstructure, hardenabil-
ity needs to be compatible with cooling rates obtained by quenching in water-cooled
dies. To this end, alloying with boron is widespread, and the boron is protected from
interaction with nitrogen by tying up the nitrogen into a more stable nitride such as
a titanium nitride. Solute boron will segregate to prior austenite grain boundaries
and poison nucleation sites for nonmartensitic transformation products. A com-
mon alloy is referred to as 22MnB5 with example chemical composition range
0.20–0.25C,1.10–1.40Mn,0.15–0.35Si,0.15–0.35Cr,0.02–0.05Ti,0.002–0.005B (wt
pct) [59]. A representative continuous cooling transformation (CCT) diagram for
22MnB5 is shown in Fig. 4.31 [60, 61]. From the CCT diagram, it can be shown that
the cooling rate must exceed 27 ◦C/s to avoid ferritic and/or bainitic transformation
products.

4.8 TWIP Steels

Second-generation AHSS employ greater levels of alloying to stabilize an austenitic
microstructure. As shown in Fig. 4.1, stainless steels properties fall in the same
band as the second-generation AHSS properties envelope. Twinning-induced plas-
ticity (TWIP) steels are also second-generation AHSS with a fully austenitic
microstructure stabilized by additions of manganese and carbon to substitute for
more expensive nickel [13, 62–68]. Engineering stress-strain curves for TWIP steels
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Fig. 4.31 Continuous cooling transformation diagram for 22MnB5 grade [60, 61]

are compared to first-generation AHSS, a low-carbon (low C) steel with a ferrite-
pearlite microstructure, and a fully martensitic (M220) steel in Fig. 4.32 [69].
Very pronounced strain hardening results in very high tensile elongation, and the
exhibited tensile properties are exceptional when compared to leaner compositions.
The TWIP steels exhibit ultimate tensile strengths of approximately 1000 MPa. It
should be noted that relatively low yield strengths are observed especially compared
to yield strengths exhibited by third-generation AHSS such as Q&P steels. Example
TWIP steel compositions are shown in Table 4.1. Heat treating following cold
rolling consists of annealing to recrystallize the austenitic microstructure and set
the final grain size [70, 71].

The stacking fault energy (SFE) is a critical parameter governing the stress-
strain behavior, tensile properties, and strain hardening of TWIP steels. Ranges for
the intrinsic stacking fault energy for various TWIP steel alloying concepts and
associated deformation mechanisms, such as phase transformations, deformation
twinning, and dislocation glide and cell formation, are shown in Fig. 4.33 [13, 82–
85].

Transmission electron micrographs of deformed TWIP steels are shown in Fig.
4.34 [86] where dislocation cell-like structures develop in a Fe-30Mn (wt pct) steel
whereas extensive twinning is observed in a Fe-22Mn-0.6C (wt pct) alloy, and the
latter steel exhibits superior strain hardening and tensile behavior resulting from
mechanical twin formation [86].

As shown in Fig. 4.33, phase transformations may occur depending on alloying
and associated stacking fault energy. An example of α’ martensite nucleated at the
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Fig. 4.32 Comparison of engineering stress-strain curves of first-generation AHSS DP and TRIP
steels: a low-carbon (low-C) mild steel, a fully martensitic M220, and two TWIP steels [69]

Table 4.1 Example TWIP
steel compositions

wt pct Ref.

Fe-(18–24)Mn-(0.5–0.7)C [72, 73]
Fe-18Mn-0.6C-(1.5–2.5)Al [13, 74]
Fe-(15–27)Mn-(0.4–0.7)C-(1.3–3.5)Al-(0–3)Si [75–80]
Fe-(17–22)Mn-(0.45–0.60)C-(0.1–0.3)V [13, 81]
Fe-22Mn-0.6C-(0.1–0.3)Ti [81]
Fe-18Mn-0.6C-0.31Nb [81]

intersection of two ε martensite bands in a Fe–18Mn–0.25C–0.084 N (wt pct) alloy
is shown in Fig. 4.35 [87].

The exploitation of phase transformations in high manganese steels has led to
the investigation of TRIP/TWIP alloys [62]. Figure 4.36 shows the tensile response
of Fe-xMn-3Al-3Si (wt pct) alloys with varying Mn contents ranging from 15 over
20 to 25 wt pct [62]. Reduced Mn alloying results in an inflection in the stress-
strain curves associated with the activation of abundant austenite transformation.
The Mn content of the alloy exhibiting this behavior is leaner than typical TWIP
steel compositions.

TWIP steels have seen fairly limited application to date as the rich alloying
to stabilize the austenite makes their widespread implementation cost prohibitive.
Furthermore, the application of TWIP steels has been hindered in the past due to
sensitivity to hydrogen embrittlement [88–90] observed following, e.g., cup drawing
tests as illustrated in Fig. 4.37 [91] albeit this embrittlement sensitivity is not
necessarily revealed during tensile testing in hydrogen charged specimens [69, 92].
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Fig. 4.33 Overview of ranges of intrinsic stacking fault energies for phase transformation,
deformation twinning, and dislocation glide in austenitic Fe-(20–32)Mn-Cr-C alloys, Co-(15–
45)Ni-14Cr-Mo alloys, Fe-Mn-C TWIP steels, and Fe-18Cr-10Ni-C-N alloys [13]. Based on data
compiled from Remy and Pineau [82], Remy [83], Allain et al. [84] and Lee et al. [85]. (Elemental
concentrations are in wt pct)

Fig. 4.34 TEM micrographs showing (a) a bright-field image showing well-developed dislocation
cell-like structures in a Fe-30Mn (wt pct) steel deformed up to 20 pct in tension and (b) a dark-field
image of a Fe-22Mn-0.6C (wt pct) deformed to 50 pct showing extensive mechanical twinning [86]
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Fig. 4.35 α’martensite formed on the intersection of two ε martensite bands in a Fe–18Mn–
0.25C–0.084 N (wt pct) alloy [87]

Fig. 4.36 True stress versus true strain curves showing the effect of Mn content in Fe-(15–25)Mn-
3Al-3Si (wt pct) alloys [62]
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Fig. 4.37 (a) Delayed cracking observed following cup drawing in a Fe-Mn-C TWIP steel but not
in a Fe-Mn-C-Al composition. (b) Time to cracks in days as a function of Mn and Al alloying [91]

Alloying with aluminum has alleviated this concern [91, 93], which is believed to
be related to the suppression of ε martensite formation and due to stacking fault
energy increases and reduced H segregation to mechanical twin interfaces and ε

martensite [94, 95]. Figure 4.37 shows the absence of (delayed) cracking in a 1.5 wt
pct Al-added TWIP steel following cup drawing.

4.9 Low-Density Steels

In order to further reduce the weight of AHSS, low-density steels are being explored
that incorporate high levels of aluminum alloying in the range of 5–13 wt pct
to reduce the density of steel and increase the specific strength (strength/weight
ratio) [96–99]. Figure 4.38 shows the measured density of binary Fe-Al alloys as
a function of Al content where a clear density reduction develops with increased
Al levels [100]. Al additions have been explored in high and medium manganese
ferritic, austenitic, and multiphase steels. Intermetallic formation such as Fe3Al and
FeAl has been observed to negatively impact ductility in the Fe-Al binary system,
and, therefore, Al levels have typically been restricted to 10 wt pct [101, 102].
Al additions to Fe-Mn-C alloys have been studied extensively, and (Fe,Mn)3AlC
carbide referred to as κ carbide develops in these alloys [101]. A summary of
tensile properties of low-density steels is provided in Fig. 4.39 on an ultimate tensile
strength versus total elongation diagram [96]. To date low-density steels have not
seen significant application in automotive architectures.
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Fig. 4.38 Experimentally measured density as a function of Al content in binary Fe-Al alloys
[100]

Fig. 4.39 Tensile total elongation (TE) as a function of tensile strength (TS) for various low-
density steels [96]

4.10 Local Formability

The above sections have reviewed various AHSS automotive steel grades with
particular emphasis on alloying, microstructure, and resulting tensile properties –
an initial measure for global formability. Tensile properties measured at strain
rates from quasistatic to dynamic are important in vehicle design and performance
simulations and help predict achievable lightweighting levels. In order to enable
implementation of these steel grades in vehicle architectures, further properties
relevant to component manufacturing and in service performance assessment are
required. These include formability testing, spring back, bending under tension
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Fig. 4.40 Cracks observed in formed parts initiated at sheared edges [103]

testing, fatigue performance, bake hardening, and liquid metal and hydrogen
embrittlement. A detailed review of these various aspects is beyond the scope of
this chapter, and the discussion will be limited here to hole expansion testing or
stretch flangeability, a measure for “local” formability. Examples of failed parts
where cracks initiated at sheared edges are shown in Fig. 4.40 [103, 104].

In order to study shear edge stretching or stretch flangeability, the hole expansion
test has been developed. The test consists of preparing a circular hole in a steel sheet
by punching, and the hole is then expanded over a flat or conical die. The diameter
expansion is measured following development of a through thickness crack. Manual
measurements and automated camera systems are being used to measure the
expansion. A schematic of the hole expansion test and samples expanded to failure
are shown in Fig. 4.41 [105, 106]. A summary of hole expansion ratios (HER)
defined as the percentage expansion of the initial diameter to failure is shown in
Fig. 4.42a [107, 108]. In general, decreasing HER or reduced “local” formability
is observed with increased ultimate tensile strength for most steel grades except for
DP steels that deviate from the relationship developed for a variety of predominantly
single-phase steel microstructures. Figure 4.42b shows the hole expansion ratio
of DP steels as a function of ferrite content present in the microstructure, and an
overall decreasing trend is apparent whereas uniform elongation increases with
ferrite content [109]. Furthermore, it has been shown that, in general, HER increases
with a reduced hardness ratio between the hardness of the martensite over the ferrite
hardness [110].

The effect of the shearing process prior to forming is important and can be
assessed by measuring the shear affected zone (SAZ), which is the material adjacent
the sheared face work hardened during shearing [111, 112]. The degree of work
hardening during shearing and, therefore, also the size of the SAZ relates to the
degree of work hardening exhibited by the steel during tensile testing.

4.11 Summary

This chapter provides an overview of various advanced high-strength steels for
structural applications in vehicle architectures. These AHSS enable lightweighting
of vehicles via down gauging of steel components. Various families of AHSS exist
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Fig. 4.41 (a) Schematic of hole expansion test showing the punched and expanded sample (black)
and the conical die expanding the sample, and samples expanded to failure using (b) a flat die and
(c) a conical die [105, 106]

Fig. 4.42 (a) Hole expansion ratio (HER) as a function of ultimate tensile strength for a variety of
steel grades. Figure from [108] based on data from [107], (b) hole expansion ratio (left axis) and
uniform elongation (UE-right axis) as a function of ferrite content in DP steels [109]

including DP and TRIP steels, which are examples of so-called first-generation
AHSS; TWIP steels are of the second generation; and TBF, Q&P, and medium
manganese steels among other concepts are being explored as third-generation
AHSS. These various steels require different alloying and heat-treating strategies
that were reviewed along with their microstructural characteristics. Substantial
development and implementation efforts are underway toward increased usage of
AHSS in vehicle architectures.
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Chapter 5
Cast Iron–Based Alloys

Dawid Myszka

Abbreviations and Symbols

CI Cast iron
DI Ductile iron
ADI Austempered ductile iron
ADI_xxx_xxx (for example: Determination of isothermal transformation para-
EADI_400_30) meters of austempered ductile iron (in the example:

Tit = 400 ◦C, tit = 30 min.)
CADI Carbidic austempered ductile iron
DADI Direct austempered ductile iron
Q&T Quenched and tempered
HT Heat treated
EN-GJL Gray iron grades according to European Standard

EN 1561
CE Carbon equivalent
Gr Graphite
P Pearlite
α, F Ferrite
δ High-temperature ferrite
γ , A, Austenite
γ 0 Primary austenite
γ HC High-carbon austenite
α’, M Martensite
α+γ HC, AF Ausferrite
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BU Upper bainite
BL Lower bainite
BS, BF Start and end of bainitic transformation,
AS, AF Start and end of ausferritic transformation
MS, MF Temperature of the beginning and end of marten-

sitic transformation [0C]
Tγ ,A Austenitizing temperature [0C]
tγ ,A Austenitizing time [min.]
Tit Isothermal transformation temperature [0C]
tit Isothermal transformation time [min.]
T0 Temperatura pokojowa [0C]
Cγ

A Carbon content in austenite at austenitizing temper-
ature [%]

Cγ Carbon content in austenite [%]
Xγ Austenite content in the ausferritic mixture [%]
RYS Yield strength [MPa]
RTS Tensile strength [MPa]
KIC Fracture toughness [MPa × m1/2]
D Critical diameter [mm]
TRIP Transformation-induced plasticity
SEM Scanning electron microscope
TEM Transmission electron microscope
LM Light microscope
XRD X-ray diffraction

5.1 Cast Iron Vs. Steel

Among all foundry alloys for structural applications, cast iron is the best known
and most frequently used material (Fig. 5.1) [1–13]. As an iron-carbon alloy, it is
often confused with or compared to steel. And yet, as we shall see in this chapter,
its features are completely different from steels. To discover this, cast iron needs to
be studied more carefully.

5.1.1 Basics of Cast Iron

The great popularity of cast iron in both industry and research areas has survived to
this day despite the fact that this casting material has been known since 1000 BC
[14]. The devices for cast iron melting, i.e., shaft furnaces in China and bloomeries
first, blast furnaces in Europe next, and, finally, cupolas are milestones in the
development of civilization.

In addition to the practical experience of artists, i.e., foundry men, the gradual
entering of science into the field of cast iron production enabled further discoveries
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Fig. 5.1 Trends in world casting production in the years 2004–2017. (Author’s own analysis based
on [1–13])

that led to unflagging interest in this material lasting to the present day. It is enough
to mention A.F. Meehan who in 1922 developed a method for the manufacture of
inoculated cast iron, or H. Morrogh and A.P. Gagnebin who in 1947 invented the
cast iron with nodular graphite known also as ductile iron. Those were the turning
points in the use of cast iron as a construction material but by no means the end of
spectacular discoveries in this field. Heat treatment, and especially the austempering
treatment of ductile iron, developed at the end of the twentieth century as well as a
multitude of scientific publications that have appeared in recent years best prove the
fact that studies of this material are going on all the time [15, 16].

According to the most general definition, cast iron is an iron-carbon alloy, usually
with the carbon content ranging from 2 to 4 wt.%. Typically, cast iron also contains
other elements. It is produced by remelting pig iron, cast iron scrap, and steel scrap
and solidifies with eutectic transformation. It contrasts with cast steel which, being
also an iron-carbon alloy with other elements, has no eutectic in its composition.
Depending on whether the cast iron solidifies in a stable or metastable system
(Fig. 5.2), graphite eutectic or cementite eutectic (ledeburite) will form, respectively.
Depending on the form of carbon, bonded or free (graphite), the cast iron is said to
be white or gray, respectively (Fig. 5.2). The adjective white or gray in the name of
the cast iron reflects the color of the fracture, which is bright with metallic shimmer
in white cast iron and gray in gray cast iron. The gray color in the latter case is
associated with the presence of graphite in the fracture.

The most spectacular properties of cast iron are obtained primarily in ductile iron,
the invention of which eliminated the fundamental disadvantage of this material, i.e.,
the lack of plasticity. Ductile iron is the material which retains all the advantages of
cast iron, and at the same time allows obtaining the strength properties comparable
or superior to the properties of heat-treated steels or cast steels.
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Cast Iron

Metastable Stable Mg/Ce

Fast cool
P+Fe3C

Moderate cool
P+Gf

Moderate cool
P+Gn

Slow cool
+Gf

Slow cool
+Gn

White cast iron Pearlitic grey
cast iron

Ferritic grey
cast iron

Pearlitic ductile
cast iron

Ferritic ductile
cast iron

Fig. 5.2 Simplified classification of cast iron into different types depending on the type of
solidification in a stable or metastable system; P pearlite, Gf flake shaped graphite, Gn nodule
shaped graphite, α ferrite

5.1.2 Mechanical Properties

The main advantage of ductile iron is the unique combination of mechanical and
plastic properties [15, 17, 18]. Comparing the minimum values of Rm (ultimate
tensile strength) and A5 (total elongation with 5 mm gauge length) obtained
in conventional grades of this cast iron and in alloyed steel, carbon steel, and
austempered ductile iron, the potential competitiveness of ductile iron with respect
to steel deserves attention only in the case of the highest ductility (ductile iron with
ferritic matrix) or highest strength (ductile iron with ausferritic matrix) (Fig. 5.3)
[15]. From Fig. 5.3, it follows that austempered ductile iron (ADI) offers the
properties which are a “continuation” of the cast steel properties in the direction
of higher strength, while ADI grades with lower strength are competitive with the
cast steel of the highest strength.

Compared to steel, another very important feature of cast iron is a 10% lower
density. In combination with very high durability, it turns out that austempered
ductile iron can be competitive not only to steel, but also to magnesium alloys and
even aluminum alloys with respect to density (Fig. 5.4). Through small structural
changes, such as the reduction of wall thickness, attempts to replace aluminum
alloys with ADI have been successfully implemented [17]. The examples are
available in various sources, e.g., in formation available on a website [17] about
casting of a truck wheel hub of the same weight as an aluminum alloy casting
(~ 15 kg) and which best proves this statement.

5.1.3 Vibration Damping Capacity

Subjected to cyclic loads, cast iron shows the ability to absorb the applied energy
and convert it into heat resulting in fast damping of vibrations. The presence of
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Fig. 5.3 Comparison of the achievable range of ultimate tensile strength and total elongation:
austempered ductile iron, ductile iron, alloyed steel, carbon steel, and cast steel. (Author’s own
analysis based on [14–17])

graphite in gray cast iron results in damping of vibrations faster than in steel
(Fig. 5.5) [14, 15, 17]. This is of great importance in the case of unexpected or
rapidly changing loads. Cast iron offers a faster relaxation of the accumulated
stresses or suppression of vibration resonance which in other cases, even for
materials of much higher strength, can prove difficult and, therefore, disastrous
failure can occur.

The main structural constituent that affects the ability to damp vibrations is
graphite. With increasing content and size of the graphite precipitates, this ability
increases too. Therefore, in gray cast iron, the ability to dampen vibrations decreases
with the increasing properties and structure refinement. For this property of cast
iron, the metal matrix is incomparably less important, although much more effective
damping of vibrations by the bainitic matrix of cast iron compared to the pearlitic
matrix has been well documented [14]. The usefulness of gray cast iron for the
production of gears can be explained by the fact that stresses arising at the base of
the teeth, which is the place of stress accumulation, assume values much lower in
the cast iron gears due to damping of vibration than in the steel gears.
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Fig. 5.4 Yield strength and the yield strength-to-weight ratio compared for selected materials from
various cast irons, cast steels, and Al, Ti, and Mg alloys in different heat treatment conditions.
Q&T – quenched and tempered, HT – heat treated, EN-GJL – gray iron grades according to
European Standard EN 1561. (Author’s own analysis based on [1–17])

Fig. 5.5 Value of relative decrease in amplitude of vibration for different materials. (Author’s own
analysis based on [14, 15, 17])

5.1.4 Manufacturing Costs

Cast iron is an attractive construction or structural material also in terms of its
price, and not only when the cost of a kilogram of the product at current market
prices in Europe is compared (Fig. 5.6) [13], but also when the cost of producing
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Fig. 5.6 Approximate price per 1 kg of the product for different materials (2018). (Author’s own
analysis based on production sources)

Table 5.1 Energy
consumption in the
production of gears – a
comparison of ADI castings
and steel forgings [17]

Energy consumption, kWh/t
Operation ADI Steel

Making semifinished products 2500 4500
Annealing – 500
Austempering 600 –
Carburizing – 800–1200
Total 3100 5600–6200

complex geometries from different materials with the same properties is compared.
An interesting example is the comparison of manufacturing costs of products made
from carburized steel and cast from ADI which serves as parts of a machine
operated under dynamic mechanical loads and friction conditions (Table 5.1) [17].
The documented almost 50% savings in costs related to energy consumption is not
the only advantage of technology conversion in this particular case. Other benefits
include reduction of product weight by almost 10%, reduction of noise during
operation, almost three times higher durability of castings, and six times higher
durability of cutting tools, resulting mainly from the ductile iron machinability
before the heat treatment process [17].

5.2 Types of Cast Iron

High-quality alloys are construction materials whose production complies with all
technological standards leading to a product without defects with properties that
meet the minimum standards. This is also true in the case of iron castings. This study
is largely devoted to the problem of the structure and structure-related properties,
and not to the quality of the technological process, which should always be at the
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highest level. However, it should be remembered that the type of structure formed
during casting solidification and cooling process will have a significant impact on
the properties of this casting, also in the case of the most-advanced cast iron grades
subjected to heat treatment.

5.2.1 Production – Cast Iron Structure

The structure of cast iron can be shaped in a number of different ways. The melt
“refining” processes, the solidification conditions and cooling rate, or control of the
chemical composition are the most important factors, which when properly selected
and monitored will make the control of cast iron properties possible. Therefore,
even a very brief discussion of these issues is extremely important to capture the
differences between cast iron and steel in which the postcasting structure is only of
minor significance.

According to the earlier definition, cast iron is composed not only of iron and
carbon, but also of a number of other elements that always exist in this alloy and
include silicon, manganese, phosphorus, and sulfur. Other elements such as Cu, Ni,
Mo, or Cr are usually regarded as additional alloying additives. Each of them exerts
a greater or lesser influence on the course of primary and eutectic crystallization,
and this influence should always be considered taking into account the content
of individual elements and cooling conditions. Chemical composition has a very
complex effect on the structure of cast iron [20–23] although in this complex system
it is carbon that plays an overriding role in shaping the cast iron microstructure.

Carbon is the main constituent determining the casting, mechanical, and func-
tional properties of cast iron [2]. According to the binary Fe-C phase equilibrium
diagram, the cast iron in a stable system contains at least 2.08 wt.% C (Fig. 5.7)
[14, 16]. However, since it always contains a certain amount of Si and P, the critical
carbon content can vary within a fairly wide range. Due to the strong effect of silicon
and phosphorus on the carbon content at the eutectic point with a tendency to bring
this content to lower values, in practice the so-called carbon equivalent CE is used
[24]. It is a measure of the deviation of the chemical composition of cast iron of its
eutectic composition and is defined as follows:

CE = C + Si + P

3
(5.1)

where C, Si, and P contents are in wt.%. Establishing this value with respect to
the eutectic value of 4.26 wt.% C enables dividing the cast iron into three groups,
i.e., hypoeutectic (CE < 4.26), eutectic (CE = 4.26), and hypereutectic (CE > 4.26)
[14, 19]. Among them, the most popular in industrial practice is the hypoeutectic
cast iron, mainly due to the possibility of obtaining a wide range of in-service
properties. From a production point of view, it is also important whether the cast
iron solidifies in a stable or metastable system. The metastable system is associated
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Fig. 5.7 Phase equilibrium diagram of Fe-C alloys: thin line – Fe-C graphite system; thick line –
Fe-Fe3C system; L – liquid solution; δ – high-temperature ferrite; γ – austenite; α – ferrite; Gr –
graphite. (Based on [14, 16])

with the formation of hard and brittle cementite eutectic, while stable system ensures
the formation of graphite eutectic with precipitates of free graphite. This type of
cast iron is the most widespread and worldwide-appreciated casting material for
structural applications. In a further part of this chapter, this material will be the
main subject of discussion.

An ideal cooling curve and true cooling curve from the liquid of the hypoeutectic
gray cast iron have several differences between the two runs (Fig. 5.8). First, there is
a more or less visible characteristic “isothermal arrest”. According to Karsay [25],
its origin on the true curve is identified with undercooling below the equilibrium
temperature due to which a “driving force” appears in the system to carry into effect
the nucleation of the primary phase, which in the case of hypoeutectic cast iron is
austenite. The rate of solidification at this point becomes quite significant, trying to
compensate for some delay caused by the need to achieve sufficient undercooling of
the liquid alloy. Acceleration of solidification during this period leads to an increase
in temperature in the direction of the equilibrium freezing point, which results
in the effect visible in Fig. 5.8. As a result of further cooling, the alloy reaches
its eutectic temperature. Triggering the eutectic transformation also requires some
undercooling below the equilibrium temperature. Due to the simultaneous formation
of graphite and austenite, the temperature rises again, generating the phenomenon
called recalescence [14, 25]. Depending on the cooling rate, the recalescence can



162 D. Myszka

Fig. 5.8 Typical run of the ideal and true cooling curve of hypoeutectic gray iron. (Based on [25])

make the solidifying eutectic cast iron reach the equilibrium temperature or remain
below this point. Further cooling is associated with the completion of solidification –
first by one phase (graphite) and later by another phase (austenite) [14]. This
phenomenon evokes some deviations from the ideal cooling curve with a tendency
toward continuous lowering of the temperature.

The above-discussed solidification sequence of the hypoeutectic gray cast iron,
which results in the formation of a primary phase in the form of austenite dendrites
spread against the background of graphite eutectic, is only partly true, and this
is due to the fact that solidification in the systems comprising an eutectic point
takes place under the conditions of so-called competitive growth of two phases.
As a consequence, in the eutectic systems, the type of microstructure depends not
only on the chemical composition of the alloy but also on the rate of growth of
the eutectic mixture and the primary (preeutectic) phase. This means that if the
growth rate of the eutectic is higher than the growth rate of the primary phase, the
obtained microstructure will be fully eutectic. The above is related to the concept
of the coupled zone of eutectic growth, which is understood as a range of the
alloy chemical composition, growth velocity, and temperature gradient, ensuring
the formation of a completely eutectic microstructure – without primary phases,
both pre- and posteutectic. Disregarding any more detailed studies of the eutectic
solidification, which are described in the works of Campbell and Fraś [18, 24], it
should be noted that due to the chemical composition of cast iron approaching the
eutectic composition and the above-discussed conditions of coupled eutectic growth,
the microstructure of cast iron is usually fully eutectic and its dendritic character is
recognizable even after long-term heat treatment processes (Fig. 5.9).
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Fig. 5.9 Model of the primary structure of ductile iron: (a) – model of structure; black fields
between cells are the last to freeze regions (LTF), dashed lines denote dendrite arms; (b) optical
microscopic photo of ADI – Nomarsky contrast. (Author’s own work)

According to the phase equilibrium diagram of Fe-C alloys (Fig. 5.7), at room
temperature, two basic phases containing no alloying additions can coexist in
hypoeutectic gray cast iron. These are the following phases: solid carbon solution in
α iron (ferrite) and graphite (stable system). Alloyed or heat-treated cast iron may
also contain solid solution of carbon in γ iron (austenite) and product of diffusion-
free transformation (martensite). On the other hand, individual constituents of cast
iron can give rise to the formation of two- or three-phase structural constituents, such
as various types of eutectic (graphite, cementite) and pearlite or bainite. Studies of
the cast iron microstructure after casting and cooling at different speeds to ambient
temperature showed the possibility of the formation of different phases in the ductile
iron matrix. The research presented by Rivera [26] indicates the possibility of
obtaining a wide range of matrix types from martensitic, through austenitic-ferritic
and pearlitic up to ferritic in nonalloyed cast iron or in cast iron with low additions
of Ni < 1 wt.%, Cu < 0.7 wt.% and Mo < 0.15 wt.%.

Reducing the wall thickness is tantamount to increasing the casting solidification
and cooling rate, and thus to increasing the homogeneity of the concentration of
elements in cast iron [27]. However, as shown in [28, 29], as the wall thickness
increases, the number of graphite precipitates in the casting decreases. This
promotes the microsegregation of elements, and thus the reduction of mechanical
properties. In turn, a large number of precipitates in the case of a high solidification
rate (smaller wall thickness) means smaller distance between graphite precipitates,
and hence higher chemical homogeneity in microregions. The mechanical properties
were found to be much better in ductile iron castings with thinner walls, than in the
slowly solidifying castings characterized by large and sparsely distributed graphite
nodules [30, 31].
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Fig. 5.10 Graphite classification by visual analysis as per International Standard ISO 945-1:2017
(E): (a) reference images for principal graphite forms in the cast irons from flake to nodular shape
(forms: I, II, III, IV, V and VI), (b) reference images for graphite distribution (type A: random
flake graphite in a uniform distribution, type B: rosette flake graphite, type C: kish graphite
(hypereutectic compositions), type D: undercooled flake graphite, type E: interdendritic flake
graphite (hypoeutectic compositions)). (Based on [14])

5.2.2 Graphite Morphology

Different forms of graphite (flake, nodular, vermicular, chunky, exploded, coral,
etc.) occurring in the cast iron determine its properties (Fig. 2.4), but it was the
discovery of the possibility of making the graphite grow in a spherical form during
the gray cast iron solidification that has opened the way for foundry men not only
to eliminate the inherent brittleness of cast iron, but also to obtain the strength
properties competing with the best grades of steel (Fig. 5.10).

The following factors determine the graphite form in the cast iron: the type and
structure of nuclei, physicochemical factors, and growth conditions in the directions
perpendicular to the graphite crystal walls. According to many scientists [14, 18,
24], the morphology of graphite precipitates is probably most affected by variations
in the speed of crystal growth in different directions, related to both the internal
structure of graphite and external factors. The most important role is attributed to
elements which introduced even in small amounts can clearly change the shape of
graphite precipitates. Thus, Mg, Ce, and other elements promote the formation of
nodular graphite, while Sb, Pb, Al, S, Ti, and Bi facilitate the crystallization of flake
graphite. So far, the mechanism of interaction of these elements has not been fully
explained, but it is known that they exert different effects on the growth rate of

http://dx.doi.org/10.1007/978-3-030-53825-5_2
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Fig. 5.11 Schematic presentation of (a) growth of graphite flake and (b) graphite nodule as a
polycrystal composed of conically coiled layers. (Based on [14])

Fig. 5.12 (a) Scanning electron microscope (SEM) image of nodular graphite in an ausferritic
matrix, (b) light microscope (LM) image of the cross-section through a graphite nodule. (Author’s
own work)

graphite crystals in [0001] and <1010> directions. It is assumed that these elements
may be incorporated into the lattice of graphite or may be selectively absorbed on
the walls of the growing crystal. It seems highly probable that the spheroidizing
elements facilitate the formation of <1010> dislocations, which promote the growth
of graphite crystals in [0001] direction but inhibit this growth in direction. From
Fig. 5.11 [14] presenting the growth of graphite structure, it follows that graphite
flakes in gray cast iron are monocrystals (often bent and branched), while nodular
graphite precipitates are polycrystals (Fig. 5.12).

In contrast to other types of gray cast iron described in the literature [14, 24, 25],
the essence of the solidification of ductile iron is in the special crystallization mode
of graphite in the form of nodules. This graphite crystallizes directly from the liquid,
where its nucleus in the initial stage grows freely as a specific preeutectic phase
and takes on a spheroidal form (Fig. 5.11). The nuclei grow in the space between
the arms of the austenite dendrites formed earlier. This location promotes the
heterogeneous nucleation of the eutectic austenite grains. Austenite grows around
the graphite nodule until its complete closure, contrary to flake graphite whose
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Fig. 5.13 Schematic
presentation of the growth of
(a) flake and (b) nodular
graphite in a eutectic system
with austenite. (Based on
[14])

Fig. 5.14 Two neighboring eutectic cells in the ductile iron with a pearlitic-ferritic matrix.
(Author’s own work)

growth precedes the build-up of austenite (Fig. 5.13) [14], forming a notch stress
at the tip of a sharp precipitate. After losing contact with the liquid, the growth
of the nodule takes place through the diffusion of carbon from the surrounding
austenite. Together with the austenite envelope, after solidification the flake or
nodular graphite forms a characteristic structure commonly known as eutectic cell
(Fig. 5.14). From now in this chapter, the product of eutectic transformation in the
form of a mixture of phases will be referred to as a eutectic cell.

5.2.3 Influence of Chemical Composition – Microsegregation

The primary microstructure of ductile iron is one of the most important factors
affecting the final properties of cast iron in both as-cast state and after heat treatment
(or after other technological treatments). Therefore, its shaping through properly
chosen chemical composition, and especially striving for maximum microstructural
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Fig. 5.15 Diagram of ductile iron structure and microsegregation of its constituents. Eq. (5.2)
y1 = ax2 + bx + c; Eq. (5.3) y2 = cexp(ax2 + bx). (Based on [21])

homogeneity of the distribution of elements in a volume of the alloy, is of particular
importance in the overall production process.

When analyzing the microstructure of ductile iron after solidification, it is
convenient to use the model shown in Fig. 5.15 [21]. As demonstrated by Sękowski
and Pietrowski [21, 23], a specific type of microsegregation occurs in cast iron,
described by Eq. (5.2) for noncarbide forming elements and by Eq. (5.3) for
carbide-forming elements (Fig. 5.15). Microsegregation raises the concentration of
molybdenum, manganese, and carbon at grain boundaries and causes enrichment in
silicon, nickel, and copper in areas close to graphite nodules. This has its reflection
in the changes that occur when the structure becomes so complex as it starts
cooling down to ambient temperature. The elements present in cast iron, having
a definite influence on the formation of individual phases, also interact with each
other, weakening or strengthening the corresponding transformations. For example,
high silicon content promotes carbon activity, while Cu and Ni counteract the
carbide-forming tendency of molybdenum. However, it should be remembered that
microsegregation, which is a diffusion-controlled process and depends primarily on
the cooling rate, is also a function of the size of graphite nodules and internodular
spacing. In turn, the cooling rate affects not only the speed, and hence the extent of
diffusion, but also the degree of dispersion of phases and structural constituents.
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Fig. 5.16 Concentration model of an idealized eutectic cell and ductile iron structure: lines of
equal concentration of manganese. (Based on [23])

Adopting Sękowski’s idealized model of ductile iron microstructure as a set of
eutectic cells [23], one can illustrate in a simplified way the microsegregation of
individual elements (Fig. 5.16). It is easy to notice that microsegregation will be
significantly affected by the distance between adjacent graphite nodules. Hence it
follows that the refinement of nodular precipitates of graphite and an increase in
their number should be the main technological guidelines in an attempt to reduce
the intensity of the microsegregation of elements in ductile iron. The presence of
a given element in an appropriate concentration or absence of this element also
contributes to changes in the intensity of the microsegregation in cast iron. However,
in terms of the microstructure homogenization, the most problematic is control of
the increasing concentration of elements at the boundaries of austenite dendrites or
eutectic cells [32]. Proportionally, heterogeneity occurs in the mechanical properties
transferred from the microscale (e.g., different properties at the boundaries and in
the centre of eutectic cells) to the macroscale, determining the properties of finished
castings through different structures formed in the matrix of cast iron.

5.2.4 Importance of As-Cast Matrix Microstructure

As already discussed, the microstructure of gray cast iron is composed of graphite
embedded in a metal matrix. Although the degree of spheroidization, and the size
and distribution of graphite precipitates are extremely important features, the type
of cast iron matrix is undoubtedly equally important. A ferritic, ferritic-pearlitic,
pearlitic, martensitic, or bainitic matrix surrounding the graphite precipitate is the
result of various treatments used by the foundry men to obtain the desired properties
of cast iron during solidification and cooling. Appropriate control of chemical
composition is the simplest method that allows obtaining practically all of the above
mentioned types of microstructure.
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Fig. 5.17 Synergic influence of Ni, Mo, and Cu and casting wall thickness “S” on the microstruc-
ture of ductile iron in as-cast state at a constant content of 3.4 ± 0.10 wt.% C, 2.75 ± 0.10 wt.%
Si, 0.35 ± 0.05 wt.% Mn, 0.045 ± 0.005 wt.% Mg. C molybdenum carbides, P pearlite, F ferrite,
BU upper bainite, BL lower bainite, M martensite. (Based on [20])

Microstructures that provide the highest strength properties, i.e., bainitic,
pearlitic, or martensitic, are easy to obtain after casting by application of special
technological treatments. For example, the addition of an appropriate amount of
nickel to ductile iron produces a wide range of microstructures even in the as-
cast state [20, 34]. A double or triple combination of Ni, Cu, or Mo as alloying
additives can produce similar effects, but it must be economically viable. Therefore,
the method of obtaining the required as-cast microstructure, and thus the required
properties, through the introduction of a significant amount of alloying additives is
usually applied to castings massive or with intricate shapes, in the case of which the
heat treatment is either difficult or even impossible. In several studies presented by
Pietrowski [20, 21, 32], a detailed description of the type of microstructure obtained
by adding an appropriate amount of alloying constituents to ductile iron was
provided. The nomogram in Fig. 5.17, developed as the result of extensive research,
perfectly reflects the possibilities of using the above-mentioned treatments. It
directly indicates that for the decreasing wall thickness, the range of bainitic
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Fig. 5.18 (a) Ferritic-pearlitic and (b) pearlitic-ferritic matrix in ductile iron. (Author’s own work)

Fig. 5.19 Pearlitic matrix in gray cast iron with flake graphite. (Author’s own work)

microstructure with the best mechanical properties narrows, while the range of the
bainitic-martensitic or martensitic microstructure becomes wider.

The functional properties of castings depend to a large extent on the type of metal
matrix present in ductile iron. In terms of the matrix type, the ductile iron is divided
into austenitic, ferritic, ferritic-pearlitic, or pearlitic. The matrix may also comprise
bainite, ausferrite, or tempered martensite. However, controlled solidification and
cooling of ductile iron usually shape its matrix as a mixture of pearlite and ferrite
(Fig. 5.18). In the as-cast state, the fully pearlitic matrix is obtained either by
sufficiently rapid cooling or, in the case of castings with thick walls, by introducing
pearlite-forming alloying elements, such as Cu, Sn, Cr, or Ni (Fig. 5.19). Due
to them, immediately after casting, the highest ductile iron grades are produced
(Table 5.2) [25, 36, 37]. To obtain yield strength above 420 MPa it is necessary to
either introduce a certain amount of alloying elements to the ductile iron or carry
out an appropriate heat treatment [16].
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Heat treatment can totally remodel the matrix structure without affecting the
graphite precipitates in gray cast iron. It is usually applied to correct the microstruc-
ture (e.g., to dissolve carbides) or to improve the required properties of the casting
(e.g., to increase hardness). However, heat treatment must always be economically
justified. The correct cast iron microstructure should normally be obtained imme-
diately after casting, but if for some reason it is not possible to provide in this way
the desired properties or the customer explicitly wishes a specific type of the heat
treatment to be performed on the cast iron, the heat treatment must be carried out
in order to obtain a pearlitic, martensitic, or ausferritic matrix. This aspect of the
ductile iron heat treatment is taken into account when the austempered ductile iron
is produced. The process of making castings from this material has opened a new
chapter in the production of cast iron as a technology having undoubtedly its place
in the “high-tech” row. This is well illustrated by the division of cast iron grades
with respect to graphite shape and matrix type according to European standards
(Table 5.2).

5.3 Modern Heat Treatment of Cast Iron

The microstructure formed during solidification and cooling has a fundamental
effect on the properties of cast iron. Searching for higher strength and plasticity or
adding special properties to cast iron is the reason why heat treatment has become a
very important factor in the development of the production of iron castings.

Due to the discovery of the nodular form of graphite, cast iron was started to be
perceived as a plastic material and for a long time the heat treatment was considered
unnecessary, especially that it considerably increased production costs. This is
particularly well visible on the example of malleable cast iron, where long-lasting
(>30 h) high-temperature annealing gives the same properties as the properties
obtained in as-cast ductile iron. Heat treatment primarily affects the gray cast iron
matrix, so it should be remembered that only with the nodular shape of graphite one
can take full advantage of the microstructure modification. Although heat treatment
is also carried out on gray iron castings with flake graphite or vermicular graphite,
these are still only scientifically important processes.

5.3.1 Normalizing and Toughening

Normalizing, hardening, and toughening are carried out to increase the strength
and resistance to wear. All these thermal processes have been known and used for
decades but due to their existence; today modern cast iron grades are often obtained,
e.g., by incorporating a conventional thermal cycle into innovative heat treatment
[34]. Heat treatment is also applied for technological reasons as a means to get
a homogeneous postcast structure in castings or to reduce the residual stresses to
minimum.
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Fig. 5.20 Pearlitic (a) and martensitic (b) matrix of ductile iron. (Author’s own work)

The outcome of “normalizing” is homogenization of the chemical composition
and obtaining a matrix composed of highly dispersed pearlite (Fig. 5.20a). The
treatment consists in annealing castings at a temperature higher by approximately
80 ◦C than the critical temperature (820–900 ◦C for gray cast iron and 870–925 ◦C
for ductile iron) followed by rapid air cooling. The rapid air cooling treatment
can be applied immediately after casting by knocking out the cast item from the
foundry mold. In this way, higher strength and hardness are obtained. Normalizing
is often required to dissolve carbides or to reduce the microsegregation of elements
in castings with thick walls.

“Toughening” is applied when castings are expected to offer the yield strength
and elongation higher than the standard grades, including grades after normalizing
treatment, e.g., EN-GJS-800-2. This type of heat treatment is based on quenching
followed by tempering. Tempering also removes quenching stresses and improves
fracture toughness.

Rapid cooling ensuring the austenite → martensite transformation is usually
carried out in an oil bath from the casting annealing temperature, i.e., from the
temperature higher by 30–100 ◦C than the critical temperature, for a time depending
on the type of cast iron. The presence of graphite distinguishes cast iron from steel
and makes the holding time longer. The time taken by the austenite to get saturated
with carbon amounts to about 10 min for the cast iron with ferritic matrix and flake
graphite and up to 80 min for the cast iron with nodular graphite [14]. The shorter
the time, the higher is the temperature of annealing and the larger is the graphite-
austenite interface, i.e., the finer are the precipitates of graphite. In a pearlitic matrix,
the complete transformation into austenite will proceed faster than in the ferritic
matrix. For these reasons, the hardness of cast iron is much more sensitive than
the hardness of steel to the time and temperature of annealing prior to quenching.
The presence of graphite-austenite phase boundaries and surface development also
affect the rate of matrix transformation into austenite. Therefore, gray cast iron with
flake graphite shows lower hardenability than the spheroidal graphite cast iron of
the same chemical composition.
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Fig. 5.21 Hardness of cast iron as a function of tempering temperature. (Based on [14, 35])

Quenching produces a martensitic matrix, providing high hardness levels to the
castings (Fig. 5.20b), but it is tempering that ultimately shapes the final properties of
castings, which largely depend on the time and temperature of this treatment. When
high hardness and abrasion resistance are required, castings are subjected to low-
temperature tempering (180–250 ◦C). On the other hand, high fracture toughness
requires tempering carried out at high temperature (550–650 ◦C) (Fig. 5.21) [14,
35]. After these processes, slow cooling to ambient temperature is recommended to
minimize the level of internal stresses. A special feature of cast iron tempered at a
temperature above 500 ◦C is the occurrence in the structure of a new constituent,
namely the secondary graphite [35]. It has the form of small spheroids evenly
distributed in the matrix.

5.3.2 Austempering of Cast Iron

Austempering of cast iron is primarily the heat treatment of ductile iron; hence
the product has the well-known name austempered ductile iron (ADI). Other types
of gray cast iron, i.e., with vermicular or flake graphite, are also subjected to this
treatment for better resistance to wear or fracture toughness [16, 31]. In this part of
the chapter, however, the description of ADI will prevail, bearing in mind the fact
that it is the cast iron most popular in today’s research.

ADI is a construction material that still arouses the curiosity of scientists and the
interest of practitioners. Perhaps that is why new ideas and scientific research aimed
at further improvement of its properties still appear [14, 15]. This is particularly
important in the aspect of the ADI implementation into practical use. It is enough to
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mention that since 2000 the production of this casting material in the world has been
increasing at a rate of several tens of thousands of tons per year [16]. This proves
the great interest in ADI of the casting users who see the opportunity to make from
this material a large variety of parts of machinery and equipment operating in the
automotive, railway, agricultural, and defense industries.

Austempered ductile iron is classified according to European and American
standards [36, 37]. A characteristic feature of this material is the combination of
high plastic and mechanical properties, comparable to many grades of steel. It has
high mechanical properties owing to the properly conducted heat treatment, which
consists of austenitizing and austempering operations. Both these operations are
extremely important from the point of view of changes occurring in the microstruc-
ture over time and reflected in the changing properties of ADI. Austenitizing
primarily determines the carbon content in austenite, while austempering following
rapid cooling from the austenitizing temperature ultimately shapes the mixture of
ferrite and austenite called ausferrite. The term ausferrite was first used in Poland
at the 20th Steel Casters Conference in Raba Niz̈na, 1997 [16]. Ausferrite with a
specific morphology and proportions of individual phases at ambient temperature is
the mixture responsible for ADI properties (Fig. 5.22).

The process of heat treatment of ductile iron seems to be very simple with regard
to both performance and desired effects. However, as the research shows [33], it is
not always possible to meet the minimum property criteria specified by the standard.
In the context of this study, it seems interesting to accurately present the kinetics of
the formation of phases in ADI together with their characteristics.

Fig. 5.22 Typical microstructure of austempered ductile iron (ADI). γ austenite, α ferrite plates.
(Author’s own work)
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5.3.2.1 Austenitizing

Both temperature and time of the austenitizing treatment exert a significant effect
on the carbon content in the austenite which forms around the graphite nodules in
cast iron. The content of carbon determines the course of subsequent heat treatment
and, as a consequence, affects the mechanical properties of cast iron.

By temperature setting it is possible to adjust the value of the equilibrium carbon
concentration in austenite, while time decides if and when this equilibrium occurs.
The higher the austenitizing temperature, the faster is the process of the carbon
saturation in austenite. The solubility of carbon originating from graphite particles
also increases. Austenite becomes more homogeneous and its grains start growing
[38].

The relationship between austenitizing temperature and carbon content in austen-
ite is well known [29]. For Fe-C-Si alloys, this value can be calculated from equation
[29]:

CA
γ = TA

420
− 0.17(Si) − 0.95 (5.4)

where

CA
γ – carbon content in austenite at austenitizing temperature in wt.%

TA – austenitizing temperature [◦C]
Si – content of the alloy is also in wt.%

Using this equation, a graph was developed showing influence of the austeni-
tizing temperature TA on carbon concentration in γ iron (Fig. 5.23). The graph is
consistent with the experimental results [40].

With a sufficiently long time of austenitizing, an equilibrium carbon content
can be obtained in the resulting austenite. There is no doubt that longer time of
austenitizing makes the distribution of alloying elements in austenite grains more
homogeneous and may contribute to the decomposition of carbides occurring in the
microstructure of cast iron.

Both chemical composition and initial microstructure of cast iron are very impor-
tant factors determining the effectiveness of austenitizing process. The pearlitic
matrix of cast iron allows for faster C saturation in austenite than in the ferritic
matrix. The factor responsible for this phenomenon is the difference in the kinetics
of the transformation of pearlite and ferrite into austenite. The rate of C saturation
in austenite also depends on the size and distribution of graphite nodules present
in the microstructure. The larger the volume of graphite nodules and the smaller
the distance between them, the shorter is the time needed by the austenite to get
saturated with carbon. With the small internodular spacing, austenite will achieve
the equilibrium carbon concentration in a shorter time. In addition to carbon, the
most important constituent of cast iron is silicon. Its task is not only to reduce
the carbon content in saturated austenite, but it also increases the temperature of
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Fig. 5.23 Graph illustrating the relationship between austenitizing temperature and maximum
carbon content in austenite. Carbon concentration in austenite calculated from Eq. (5.4) for the
silicon content of 2.65 wt.%. (Based on [20, 40])

eutectoid transformation and extends the critical temperature range. Chromium
also increases this temperature, whereas manganese and nickel reduce its value
[18]. The presence of copper and nickel in cast iron has some influence on the
austenitization process. Saturation of austenite with carbon depends on time and
proceeds most intensely in the initial stage of this process. Cast iron containing
nickel and copper takes longer time to reach the equilibrium carbon concentration
in γ iron. However, studies conducted by Darwish and Eliott suggest that it is the
austenitizing temperature and not the presence of alloying elements that is most
critical in achieving the equilibrium carbon content in austenite [41].

In practice, austenitizing of cast iron is carried out in the temperature range of
850–930 ◦C, i.e., at a temperature by about 30–100 ◦C higher than the critical tem-
perature (upper limit in the temperature range of eutectoid transformation). During
heat treatment of ductile iron, the austenitizing temperature TA is usually selected
taking into account the microstructure of cast iron. The selected time of treatment
depends on the chemical composition of cast iron and casting microstructure before
austenitizing, based on the casting wall thickness, typically in the range of 48–150 s
per 1 mm of the raw casting wall section [30].

5.3.2.2 Austempering

After austenitizing, austempering is carried out, i.e., rapid cooling of the casting
to the temperature at which the isothermal transformation takes place (Fig. 5.24).
The process starts with the nucleation and growth of ferrite plates forcing carbon
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Fig. 5.24 Schematic diagram showing heat treatment steps during production of austempered
ductile iron; PS the beginning of pearlite transformation, BS, BF the beginning and end of bainite
transformation, respectively, FS, FF the beginning and end of ausferrite transformation

migration to the surrounding austenite. The transport of carbon continues until a
high degree of C saturation in austenite is achieved to make it stable both thermally
and mechanically. According to some researchers, the process of “pumping”
carbon into austenite during the growth of ferrite plates enables achieving carbon
concentrations of up to 2.2 wt.% [42, 43]. This transformation stage is characterized
by the achievement of an appropriate ferrite-to-austenite content ratio. Depending
on the temperature of the transformation, the annealing time and the homogeneity of
austenite before isothermal transformation, the resulting microstructure may have a
diverse morphology.

5.3.2.3 Kinetics of Isothermal Transformation

In ductile iron, the isothermal transformation occurs in two stages illustrated in
Fig. 5.25, which can be written down in the following form:

Stage I ⇒ γ 0 → γHC + α (5.5)

Stage II ⇒ γHC → α + carbides (5.6)

where:

γ 0 – primary austenite
γ HC – stable (high carbon) austenite
α – lamellar ferrite
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Fig. 5.25 The typical microstructures of austempered ductile iron are shown: (a) temperature
of isothermal transformation Tit = 350–400 ◦C; (b) temperature of isothermal transformation
Tit = 260–350 ◦C [44]. (Author’s own work)

The primary austenite γ 0 with the lowest carbon content is transformed into
ferrite plates and high-carbon austenite γ HC. This process begins at the graphite-
austenite and austenite-austenite phase boundaries and on the previously formed
ferrite plates [44]. During growth of ferrite plates, carbon starts diffusing into
the austenite retained in the space between the plates and the process continues
until full stabilization is obtained. The end of austenite saturation with carbon to
a certain level of concentration and entering the period of the structural stability
α + γ HC (ausferrite) opens the range of the so-called processing window (tit1 to
tit2) [44]. Annealing for a time longer than tit2 results in the precipitation of carbides,
which is the phase undesired in the ADI microstructure. During transformation at a
temperature of 350–400 ◦C, i.e., after the time tit2, the precipitation of ε carbide or
cementite starts at the α / γ HC interface, leading to the formation of microstructure
characteristic of the upper bainite (Fig. 5.25a). Lowering the temperature of
austempering reduces the amount of austenite and widens the “processing window”
[41]. For this temperature, longer time tit2 is associated with the formation of lower
bainite with ferrite morphology (Fig. 5.25b), comprising plates with a thickness of
several ten to several hundred nanometers. The low temperature of transformation
reduces the diffusion rate and prevents carbon transport over long distances, which
results in the formation of carbides not only at the α/γ HC phase boundaries, but also
inside the ferrite grains.

Studies of various types of cast iron confirm the important effect of chemical
composition (especially of alloying additions) and of the austenitizing and austem-
pering temperature on the “processing window” [44, 45]. The research described
in [44] shows that increasing the content of alloying additions prolongs the time
and reduces the temperature of a stable “processing window.” A similar result is
obtained by increasing the austenitizing temperature.
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5.3.2.4 Temperature and Time of Austempering

The close dependence of mechanical properties of austempered ductile iron on the
parameters of the austempering process determines the choice of temperature and
duration of this treatment. Tensile strength and ductility are the most important
properties of ADI. Knowing that there is a direct relationship between these
properties and the content of different phases in the ADI matrix [46, 47], it is
possible to control these properties through control of the content of these phases.

The time/temperature relationship between isothermal transformation and
austenite content in the ADI microstructure described by Dymski [48] can be
illustrated with appropriate measures of strength or elongation (Fig. 5.26) [48]. The
next graph (Fig. 5.27) shows the change of carbon content in austenite depending
on the temperature and time of austempering. Increasing the austempering time
in the range of 15–240 min results in the increase of austenite saturation with
carbon, the increase being most pronounced in the initial period of isothermal
transformation. In turn, the highest saturation of austenite with carbon is observed
during austempering at 300–350 ◦C. The degree of this saturation assumes lower
values for the temperatures lower and higher than the indicated range. The lower
the transformation temperature, the lower is the diffusion rate, the smaller is the
size of its products, and the higher is the dislocation density and phase dispersion.
All these factors strengthen the heat-treated cast iron.

Fig. 5.26 Austenite content (in vol.%) in the ADI matrix as a function of austempering time and
temperature. (Based on [48])
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Fig. 5.27 Carbon content (in wt.%) in the ADI matrix as a function of austempering time and
temperature. (Based on [48])

And yet, proper selection of the time of austempering may be difficult due
to the postcasting chemical composition of the cast iron in microregions. The
range of the “processing window” is not always open, which means that the
same transformations may not occur simultaneously in the entire volume of the
microstructure. At the temperature of the isothermal transformation, there may be
permeating areas of austenite still in the process of being saturated with carbon
(reaction in Eq. 5.5) and of high-carbon austenite, in which phase II of the
transformation has already started (reaction in Eq. 5.6). Differentiation of chemical
composition, and especially the content of strongly segregating elements, may
be another reason for the modification of “processing window.” The velocity of
reactions (Eq. 5.5) and (Eq. 5.6) may be different due to the chemical heterogeneity
of eutectic cells and individual phases. Of particular importance here is the uneven
distribution of carbon on the cross-section of austenite grains.

5.3.2.5 Mechanical Instability of Austenite

Studies of ausferrite freezing processes indicate that the austenite→martensite
transformation at temperatures below MS occurs only in selected areas of the
microstructure, i.e., in the block type austenite (Fig. 5.28). These places are also
privileged places for the deformation-induced transformation [19, 49–52]. As a
result of this transformation, hard high-carbon martensite is formed. This effect is
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Fig. 5.28 Martensite in the fields of primary block austenite in ausferritic ductile iron. (Author’s
own work)

Fig. 5.29 The deformation zone formed on the surface of ausferritic ductile iron as a result of
Rockwell hardness measurement; LM, x50, Nomarsky contrast. (Author’s own work)

well visible under the microscope in samples subjected to hardness measurements
during which the steel indenter permanently deforms the material (Figs. 5.29 and
5.30), creating a zone of plastic deformation around the impression. Martensite
formed under the indenter of the hardness tester also creates problems in finding
an unambiguous relationship between hardness and austenite content in ausferrite
(Fig. 5.31) [33]. The same effect is also observed in other tests, e.g., in static tensile
test, resulting in the occurrence of martensite on the fracture of samples which
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Fig. 5.30 Martensite in the ausferritic matrix of austempered ductile iron after deformation in
Brinell hardness measurement: (a), (b) scanning electron microscopy, (c) transmission electron
microscopy. (Author’s own work)

Fig. 5.31 Dependence of
austenite content in ausferritic
ductile iron on its hardness
HRC based on the data
contained in [20, 21, 29,
32–34, 41, 44–52]
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failed during the test [48]. Martensite of this type may also appear during sample
preparation and during cutting and abrasion processes [50]. Therefore, based on
the transmission electron microscope (TEM) images and X-ray diffractograms, it is
difficult to find out whether the examined martensite is a product of transformation
induced by the technological process or the result of an incorrect preparation of
samples.

The phenomenon described above is related to the problem of obtaining in
the material the value of stress or strain which will initiate the transformation of
austenite into martensite. This phenomenon occurs in austenite-containing steels
and is known as the transformation-induced plasticity (TRIP) effect.

5.3.2.6 Variations of Austempering Treatment

The tendency of austenite with low mechanical stability to deformation-induced
transformation is also observed in other technological deformation processes that
are not described in this chapter. Investigating the initiation of this transformation
by appropriately high stresses and above all plastic deformation, it can be concluded
that the transformation can occur in both surface and bulk deformation processes.
The analysis of processes occurring in the entire volume of material is more difficult
and requires studies of phenomena related to fracture mechanics, allowing for the
microstructural heterogeneity of cast iron, casting defects, the presence of graphite,
etc., during fatigue or fracture toughness testing. A general statement that can be
formulated based on the analysis of the literature and the author’s own research
is that by minimizing the possibility of the occurrence of TRIP effect, one can
obtain an improvement in the “bulk” mechanical properties of ductile iron. Any
mitigation of the effect of this phenomenon has its source in the refinement of
the ausferritic microstructure and in reducing the content of austenite with low
mechanical stability.

As a result of studies of the ausferritic ductile iron, it was found that the value of
the strain-hardening exponent n increases linearly with the increasing temperature
of austempering. Based on this statement, it has been concluded that n will reach
its maximum under the conditions of high austenite content, coarse ferrite, and high
temperature of isothermal transformation, while the minimum will fall to the low
austenite content and fine ferrite. This is confirmed by the dependence derived by
Hayrynen et al., which enables the yield strength to be determined from the size of
ferrite plates and the austenite content in matrix [53]:

σ = AL-1/2 + BXγ + C (5.7)

where:

σ – yield strength
L – size of ferrite plates
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Xγ – austenite content
A, B, C – constant values

The dependence shows that it is the size of lamellar ferrite precipitates that
controls the value of elastic stress in ausferritic ductile iron. This means that the finer
the plates of ferrite in the cast iron matrix, the higher are the strength properties.

Studies on this issue were undertaken and reported in the literature. They
were limited to special processes of the heat treatment of ductile iron. The main
aim was to refine the microstructure of the cast iron matrix. The refinement was
obtained through, higher than in standard processes, undercooling in the first stage
of isothermal transformation during two-step austempering (Fig. 5.32) [54, 55]
or by conducting low-temperature long-duration thermal processes under special
conditions of chemical composition and temperature. These processes of obtaining
nanostructural ausferrite is well documented (Fig. 5.33) [56].

It has been reported that compared to the common heat treatment process,
undercooling of austenite to a lower temperature of austempering in the first stage of
isothermal transformation results in the refinement of ausferrite grains. This reduces
the thickness of ferrite plates and thus refines the ausferrite [54]. Also, it has an
impact of obtaining slightly higher content of retained austenite compared to the
conventional process. The higher retained austenite content and the higher degree
of ferrite fragmentation in ausferrite according to relationship in Eq. 5.7 increase
the value of the yield strength.

Fig. 5.32 Schematic diagram of a two-step austempering process to obtain ausferritic ductile iron
[37]
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Fig. 5.33 Nanoausferritic structure of ductile iron matrix – a mixture of ferrite and retained
austenite plates [56]

The microstructure obtained in the two-step process reduces the strain hardening
exponent n and prevents the achievement of high elongation values (above 11%)
in the quasistatic tensile test of cast iron [54]. Hence, it follows that increasing
the content of stable retained austenite at the expense of mechanically less stable
retained austenite will not be synonymous with improvement of the cast iron plastic
properties. It can, therefore, be assumed that it is the mechanism of the deformation-
induced martensitic transformation, dependent on the content and stability of
retained austenite in the ausferritic microstructure, that is largely responsible for
the obtained properties.

5.3.2.7 The Role of Chemical Composition

The choice of cast iron chemical composition to obtain ADI is not always similar
to the composition of standard ductile iron grades. The first and one of the most
important tasks is to determine the content of basic elements in such a way as to
ensure the best possible spheroidization of graphite and the desired type of metal
matrix. On the other hand, the quantity of these elements should be such as to
counteract the formation of carbides or the tendency to form casting defects. The
next task is to control the content of alloying additions, which determines the quality
of the microstructure obtained in castings with different wall thicknesses, or to
control different cooling rates in casting during austempering.

Austempering of gray nonalloyed cast iron in salt baths is effective only for
castings with wall sections thinner than 10 mm (Fig. 5.34) [44]. A slight increase in
hardenability occurs when the temperature of the austempering treatment is reduced
(up to 30 mm at 250 ◦C). In the case of using a heating medium other than the
salt bath, e.g., a fluidized bed, or in the case of castings with heavy wall sections,
obtaining the correct ausferritic microstructure is possible primarily through the
introduction of alloying additions [15, 21, 25, 44]. For isothermal transformation,
popular and important elements are nickel, copper, and molybdenum added sepa-
rately or in various combinations.
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Fig. 5.34 Influence of
austempering temperature on
critical diameter for
hardenability of ductile iron
castings. (Based on [44])

Fig. 5.35 The effect of molybdenum, nickel, and austempering temperature on critical diameter
[57]

All the elements mentioned above are introduced primarily to increase the
stability of austenite undercooled in the temperature range of pearlite transforma-
tion. Introduced together or separately, they increase the hardenability and critical
diameter (Fig. 5.35) [57].

The strongest effect on the transformation of undercooled austenite is exerted by
molybdenum or its combinations with nickel and copper. The Mo content in ductile
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iron is usually limited to ≤0.3 wt.% due to its very strong tendency to segregation
and formation of (FeMo)3C carbides at the boundaries of eutectic cells [32]. Starting
with the molybdenum content in cast iron of about 1 wt.% Mo, carbides of the
(FeMo)3C6 and Mo2C type can also appear [32].

The composition of ductile iron is usually enriched with 1.5% Cu, up to 4 wt.%
Ni and up to 0.3 wt.% Mo. It is assumed that 1.5 wt.% of copper is equivalent
to 0.3% Mo. It is, however, recommended to avoid introducing the maximum
amount of copper due to its despheroidizing effect [10]. According to Pietrowski
[32], copper in ductile iron changes essentially the course of pearlite and bainite
transformation. In the temperature range of bainite transformation, copper increases
the stability of austenite, slowing down the process of its decomposition.

Nickel added in an amount of up to 1.5% has no significant effect on the increase
of austenite stability in the temperature range of pearlite transformation and in
an amount of up to 1.0 wt.% in the temperature range of bainite transformation.
Copper has similar effect as nickel, and hence cases are known of Ni being replaced
with Cu or of both elements co-existing in the cast iron matrix to additionally
counteract the formation of molybdenum or manganese carbides [29]. Like copper,
nickel reduces the rate of austenite transformation and inhibits its decomposition
in Stage II according to reaction in Eq. (5.6). Limitations in the use of Cu and Mo
practically make nickel the choice of element that controls the microstructure of
ductile iron. There are a few publications [e.g., 32] illustrating the effect of nickel
(at a constant content of about Cu and Mo) and wall thickness in ductile iron castings
on the microstructure obtained during cooling in the air below 750 ◦C. This is an
example of the possibility of obtaining the ADI microstructure in cast iron of a given
chemical composition when cooled in the air or in a casting mold.

5.3.3 Direct Austempering of Ductile Iron

“Direct austempering” is a specific process of alloy heat treatment, which consists
of a controlled isothermal quenching carried out during casting cooling immediately
after its solidification. The process has been studied for over a dozen years in
numerous research and development centers for various types of foundry materials
[42, 43, 58–60].

Increasing the cooling rate of casting from the solidus temperature, done by
knocking out the casting from mold and cooling it down in the air or quick cooling
to a predetermined temperature, is a well-known method of controlling the metal
microstructure. This procedure is usually applied to aluminum alloys to simplify the
heat treatment cycle and increase the hardness of the parts obtained. The solution
heat treatment of aluminum alloys directly after casting is to some extent similar to
the direct hardening of iron alloys. In this case, rapid cooling (e.g., in water) of an
aluminum casting with a temperature below the solidus line is used immediately
after removal from the casting mold (metal mold in this case). In contrast to
austempering, this type of a fast cooling of Al alloys leads to a saturation of the
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casting with alloying constituents which, during later aging, gives rise to the effect
of precipitation hardening. This process is slightly different in the case of direct
austempering.

It is a well-known fact that when the cast iron cools down from the temperature
of 1130–1150 ◦C, the casting “passes” through a temperature range of 950–815 ◦C,
which is the range used for the austenitizing process during conventional heat
treatment of ADI. So it seems logical to remove the hot casting from the mold in this
temperature range and subject it to rapid cooling to a temperature at which it will
be austempered. In this way it is possible to avoid cooling of casting and reheating
it to the austenitizing temperature (Fig. 5.36).

It should be emphasized how important and beneficial this simplified heat
treatment is. It is an indisputable fact that in addition to the appropriate properties,
the attractiveness of the product also depends on its price. In the case of ADI,
the cost calculation depends on several fixed factors at individual stages of the
technological process. Heat treatment of ductile iron is still a very expensive element
of the whole technological process. Therefore, its simplification, e.g., through the
use of direct austempering, leads to significant savings, which are composed of a
number of factors:

– Significant savings of electricity, which would have to be used to reheat the
castings to the austenitizing temperature, and consequently reduced volume of
raw materials necessary to produce such energy, less harm to the natural environ-
ment and lower environmental pollution associated with electricity generation in
conventional power plants

– Elimination of additional equipment for high-temperature heat treatment, which
is very important for production plants with limited resources of specialized
equipment and funds for their purchase

Fig. 5.36 Comparison of the conventional heat treatment cycle and direct austempering of ADI.
(Author’s own work based on [26, 61–63])
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– Saving space, which would be occupied by devices for the austenitizing treatment
– Significant time saving of product manufacture, which should be expected

especially in large-lot orders
Clearly defined benefits resulting from direct austempering are not, however,

equivalent to obtaining the construction material with the desired in-service
mechanical properties. Detailed analysis of the phenomena which occur during
cooling and subsequent heat treatment and of the processes that occur during
direct austempering suggests the possibility of some structural differences that
may be reflected later in the properties of ADI castings. Although it is difficult
to determine which of them and in what way (positive or negative) will affect the
in-service mechanical properties of castings, from a production point of view this
technology seems very interesting.

Owing to the research made in various scientific centers around the world,
several ways of conducting the direct austempering process of ductile iron castings
are known, to mention the use of metal molds, sand molds and the full mold
process. The experience gained during their implementation allows describing
the transformations and phenomena that accompany the ductile iron direct heat
treatment process.

5.3.3.1 Microstructure and Properties

The description of the direct austempered ductile iron (DADI) microstructure should
start with the statement that this microstructure is shaped in a different way than
the microstructure of conventional ADI cast iron. The main reason is the lack of
typical austenitizing treatment, i.e., absence in the direct cycle of the eutectoid
γ ↔ α + Fe3C transformation. The microstructure of DADI rather retains its
original character, which means that it consists of austenite dendrites and eutectic
cells on a microscale and of “macrocells” on a macroscale [26, 61]. Isothermal
transformation does not exert a great influence on the structure modification, and,
therefore, the primary microstructure should be expected after the casting has cooled
down to ambient temperature (Fig. 5.9). The result may be greater heterogeneity in
the chemical composition of ductile iron matrix, larger dimensions of products of
the isothermal transformation, and directional character of the microstructure.

Rapid cooling of the casting from the temperature below the solidus line
results in a specific “freezing” of the DADI primary microstructure, preventing
the diffusion of its constituents, carbon in particular, at the temperature of the
austenitizing treatment and lower temperature. This phenomenon results in greater
homogeneity of the matrix in the vicinity of graphite precipitates than in the
case of the usual cooling of cast iron during which the graphite nodules grow
at the expense of carbon present in the surrounding matrix. The austenitizing
treatment used in the conventional cycle makes the cast iron matrix homogeneous
by redistribution of carbon, including partial dissolution of graphite nodules [32].
During the direct heat treatment of ductile iron, this effect will not occur. It should
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Fig. 5.37 Microstructure of DADI cast iron (austempering temperature = 300 ◦C,
time = 90 min.). (Author’s own work)

be noted that in the case of DADI, there is also absence of carbon diffusion
toward the graphite nodules during slow cooling of the casting from the solidus
temperature to ambient temperature. This leads to a “bull eyes” structure. It can,
therefore, be assumed that in DADI the concentration of carbon in the vicinity
of graphite precipitates should be comparable to ADI or even higher. Images of
the microstructure of samples taken from DADI under identical conditions with
ADI (austempering temperature = 300 ◦C, time = 90 min.), shown in Figs. 5.37,
confirm these assumptions. It follows that in the case of conventional treatment, the
transformation rate near the graphite/austenite interface must be high since products
of this transformation show a high degree of refinement. The high rate of austenite
transformation into ferrite suggests a lower carbon content in the microregions or
higher silicon content allowing for the occurrence of this kinetics. Hence it follows
that the extent of homogenization of the DADI matrix can be equal to that of ADI
or possibly even higher.

The phenomena that occur at the boundaries of eutectic cells or dendrites may
assume the course slightly different than in the case described above. Austenitization
of ductile iron, carried out during conventional heat treatment aimed at obtaining
ADI, may lead to a redistribution of elements grouped in these microregions. This
phenomenon does not occur during direct austempering, and hence the conclusion
follows that the DADI matrix will be more heterogeneous in the areas of the
austenite/austenite phase boundaries. Additionally, austenitizing treatment enables
dissolution of the undesired phases appearing in ductile iron, e.g. carbides. The lack
of austenitizing treatment during direct austempering does not create conditions for
the dissolution of carbides that may have appeared during solidification.

Analysis of individual constituents occurring in the DADI microstructure is in
practice reduced to the basic phases present in the matrix, i.e., ferrite and austenite.
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However, some irregularities have been found, which also suggest the need to
investigate the characteristics of the precipitates of nodular graphite.

As in the case of all other types of ductile iron, nodular graphite is one of the most
important constituents of the DADI microstructure. During the process of direct
austempering, some differences in the formation of this phase were noted compared
to the standard types of ductile iron, including ADI. The reason is that the direct heat
treatment inhibits the growth of graphite nodules in the solid phase, which runs all
the time during cooling of the casting, although at a constantly decreasing speed. As
mentioned earlier, in the case of DADI, a specific “freezing” of the microstructure
occurs, thereby inhibiting the diffusion of carbon into the graphite nodules as soon
as the intensive cooling to the temperature of the austempering treatment starts. The
above leads to the formation of graphite nodules characterized by a smaller volume
and to milder heterogeneity of carbon distribution in the matrix surrounding the
graphite and to less deformation. This is consistent with the studies presented in
[62] and systematic measurements of the size of graphite particles present in the
microstructure of castings made from DADI and ADI originating from the same
melts. The results indicate that the average diameter of graphite nodules is approx.
31 μm in DADI, while in ADI this value is at a level of 35 μm, which means that it
is by about 10% higher than in DADI.

Ferrite, present in DADI in the form of plates, is slightly different from the ferrite
formed in the ADI matrix. It was found earlier that these plates are characterized by
a specific orientation and form structures coarser than in ADI. The plates are longer
during direct austempering at a lower temperature, but their length decreases when
austempered at high temperature. Changes also occur in the shape and thickness
of plates (Figs. 5.38 and 5.39). Lower austempering temperature affects the shape
of the plates in such a way that they become more “sharp-pointed,” resembling

Fig. 5.38 Fine lamellar ferrite in the matrix of DADI (austempering temperature = 260 ◦C,
time = 90 min.). (Author’s own work)
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Fig. 5.39 Plates of “feathery” ferrite in the matrix of DADI (austempering temperature = 360 ◦C,
time = 90 min.). (Author’s own work)

martensite in their appearance, and have also smaller thickness of approx. 0.2–
0.8 μm. Higher temperature of direct austempering makes the plates more ramified.
They look more “feathery” and the thickness grows to approx. 1.2 μm.

Retained austenite present in the DADI matrix has also been examined in relation
to the austenite found in ADI. The most important conclusion that followed this
analysis is that under the same conditions of the austempering treatment, the
proportional content of austenite in the microstructure of DADI is slightly higher
than in ADI. Proper amount of retained austenite is usually associated with the
ADI plasticity. Its presence in DADI is confirmed by a SEM image of the fracture
showing numerous dimples (Fig. 5.40) [63]. The DADI matrix is mainly composed
of the lamellar ferrite and retained austenite. As demonstrated by the microanalysis
and TEM examinations, the matrix may also contain carbides and martensite, which
are phases undesirable in the microstructure of both DADI and ADI.

The presentation of DADI mechanical properties should start with the statement
that only in a very few cases of direct heat treatment, attempts to achieve the
strength/ductility combination consistent with the requirements of the European
Standard EN 1564 for ADI have ended in success. This fact is graphically presented
in Fig. 5.41. In spite of this, the results obtained for DADI indicate that its properties
far outweigh those guaranteed by other types of “ordinary” ductile iron. It is
interesting to compare the properties of DADI and ADI obtained for the same
conditions of the austempering treatment.

The information presented in the previous subsections reveals some basic facts
concerning DADI cast iron, which would be worth emphasizing. Ausferrite in
the DADI matrix differs slightly from the ausferrite obtained by conventional
austenitizing and austempering. For the same heat treatment parameters, in the
DADI matrix a higher content of the stable retained austenite was recorded,
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Fig. 5.40 DADI. SEM fractograph showing dimples characteristic of ductile fracture. (Author’s
own work based on [63])

Fig. 5.41 Mechanical properties of DADI compared to the properties of ADI included in the EN
1564 Standard. (Author’s own work)

accompanied by the ferrite strongly saturated with carbon. Compared to ADI, the
microstructure of DADI seems to be coarser. Additionally, in DADI, some areas
with increased concentration of alloying additions have been identified, especially
at sites referred to as last to freeze (LTF), which were not found in the structure of
ADI. Molybdenum occurring in LTF microregions can contribute to the formation
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of MoxCy carbides (identified in the research presented in [47]), the presence of
which increases DADI hardness but significantly deteriorates its plastic properties.

Based on the analysis of the thermal history of castings subjected to the direct
austempering and conventional austempering, it was found that the contribution
of various mechanisms of hardening the DADI matrix is slightly different than
in the ADI cast iron. Closer analysis of the hardenability of both types of cast
iron suggests that the most important factor responsible for the lower ductility and
fracture toughness of DADI compared to ADI is a coarse metal matrix, left unrefined
due to the omission of the γ ↔ α + Fe3C eutectoid transformation, which occurs
during cooling of the casting and its reheating for the austenitizing treatment. The
explanation for the high yield strength R0.2 of DADI, similar to the values obtained
in ADI, should be sought in the strain hardening effect resulting from the higher
density of dislocations in austenite and ferrite and from the presence of microtwins.
However, the main reason for the high DADI strength is, as in ADI, the solid solution
strengthening of both ferrite and austenite. Saturation of both phases with carbon is
the reason for DADI in the considered variants of austempering treatment to reach
a tensile strength, Rm, of 1200 MPa.

The above statements characterizing the ductile iron obtained as a result of direct
heat treatment are sufficient to conclude that DADI has the mechanical properties
slightly inferior to ADI. It was also noticed that extending the time of DADI
austempering has increased both strength and elongation. DADI is competitive with
ADI not only in terms of higher mechanical properties, hardness in particular, but
also in terms of the production cost. A brief analysis of the production process shows
that the cost of producing a DADI blade for the shot blasting machine is by 9%
lower than in the case of ADI and by 25% lower than in the case of alloyed high-
chromium cast iron with the addition of molybdenum, so far the standard material
for this product [62].

5.3.4 Ausforming

The refinement of ausferrite grains in the matrix of gray cast iron can also be
obtained by combined plastic forming and heat treatment, generally known under
the name of ausforming. This is a very interesting issue and since it has recently
gained wide recognition among scientists, special attention will be paid to this type
of cast iron.

Hot or cold plastic forming of cast materials refines their structure, reducing
shrinkage and gas porosity and microsegregation of alloying elements. It also
provides additional nucleation sites during austenite transformation after deforma-
tion or recrystallization. These assumptions were adopted in the high-temperature
deformation process before the start of austenite transformation in a ductile iron
matrix. Studies show that ausforming during ausferritic structure formation signif-
icantly shortens the time necessary to trigger the austenite-ferrite transformation
by introducing additional energy into the system through mechanical action [64].



196 D. Myszka

Fig. 5.42 Thermal processing of ductile iron: (a) high-temperature thermo-mechanical treatment,
(b) ausforming. Ta and Tit are temperatures of austenitization and isothermal transformation,
respectively. (Based on [65, 66])

It was also found that austenite saturation with carbon was higher than in the
conventional process, which also indicates an acceleration of the reaction. The
increased ferrite nucleation rate leads to fragmentation of the ausferritic structure
and ensures better homogeneity of the alloy, and hence also of its component phases
[65, 66]. A more homogeneous structure prevents the occurrence of martensite at
ambient temperature even after a short bainite transformation time.

Processes completed with 25% deformation show that cast iron dramatically
gains in mechanical properties. At least 70% increase in the yield strength and
50% increase in the tensile strength as compared to the conventional ADI were
demonstrated. However, depending on the temperature and mode in which the
process of deformation is carried out, castings will change their properties. For
the thermoplastic treatment shown in Fig. 5.42, alloyed cast iron characterized by
high hardenability often with the additions of Ni and Mo should be used. Alloying
additions are also important when ausforming is carried out on products with large
cross-sections and when high degrees of the deformation are applied. Ausforming
carried out on nonalloyed cast iron was found to significantly reduce plasticity with
only a minimum increase in strength.

For simple products, methods of forging gray iron castings have been proposed.
Special preforms would be used for this purpose from which the casting would be
transported to a bath ensuring thermal treatments in the temperature range of bainite
transformation [64].

5.4 Mechanical Properties

The richness of the variants of cast iron structure provides this material with an
extremely wide range of achievable properties. Not all of them can be discussed
here, but, apart from the most important ones which include comparable strength
to steels, good fracture toughness, and high abrasion resistance, it is worth paying
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attention to the properties less often discussed, e.g., corrosion resistance, good
thermal conductivity, and resistance to the effect of low or high temperature [14,
17].

5.4.1 Strength of Cast Iron

The strength of gray cast iron is primarily a function of its structure, where the
type of matrix and the content, shape, and distribution of graphite precipitates
are of importance [14, 17]. In general, increasing the amount of pearlite in the
matrix increases the value of Rm and reduces the plasticity, which results from
the mechanical properties of pearlite and ferrite (pearlite: Rm = 550–850 MPa,
medium plasticity: A5 = 2÷10%, ferrite: Rm = 350–500 MPa, high plasticity:
A5 = 10÷22%). In gray cast iron with flake graphite, increasing the amount of
pearlite in the matrix from 70 to 100 vol.% increases the value of the tensile strength
Rm by 20–35 MPa. The low strength of cast iron with a martensitic matrix is caused
by the presence of quenching stresses.

A similar relationship governs the type of ductile iron matrix and its strength. In
this type of cast iron, ferrite formation leads to a reduction in the tensile strength Rm
and improvement of plastic properties (Fig. 5.43) [14]. Increasing the proportion of
pearlite in white cast iron (with simultaneous reduction in the content of cementite)
increases not only the tensile strength, but also the ductility of white cast iron.

The parameters of the cast iron primary crystallization also exert a significant
effect on the strength of this material. The tensile strength of cast iron increases
with the increasing content of the dendrites of primary austenite, with the increasing
degree of their branching and with the increasing number of eutectic grains
(Fig. 5.44) [14].

The strength and ductility of metal matrix decrease to a large extent due to the
presence of graphite precipitates in the cast iron structure. The negative influence of
graphite results from the reduction of the active cross-section of the metal matrix and
also from the fact that in this matrix graphite particles play the role of micronotches.
With the same total volume of graphite in cast iron, the reduction of the active
cross-section is the least severe in the cast iron with nodular graphite, and the
most severe in the cast iron with flake graphite. For graphite flakes with elongated
shapes, the degree of reduction of the active surface can reach even 50%, especially
when casting walls have small cross-sections. The fact that graphite particles act as
micronotches in the cast iron matrix is due to the shape of these precipitates. This
effect is weakest in the nodular graphite and strongest in the graphite in the shape
of sharp-ending flakes.

Summing up, it can be stated that in gray cast iron with the decreasing content
of graphite precipitates and the increasing degree of their refinement, both cast iron
strength and ductility tend to increase. The transition from the flake graphite to the
nodular graphite significantly improves the strength and even more the ductility of
the cast iron.
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Fig. 5.43 Curves illustrating the elastic and plastic behavior of mild steel, cast iron with flake
graphite, and cast iron with nodular graphite with a ferritic and pearlitic matrix. (Based on [14])

Figure 5.45 shows the effect of the content of regular nodular graphite on the
tensile strength of ductile iron with different types of matrix [14]. The harmful
effect of the presence of various forms of graphite is best visible in the case
of purely pearlitic matrix. However, an ausferritic matrix, obtained as a result of
heat treatment, mainly of ductile iron, has the strongest influence on the cast iron
strength.

The advantage of ductile iron with ausferritic matrix is primarily a unique
combination of mechanical properties (Fig. 5.46) [15–18]. The high temperature
of austempering treatment (reaching 400 ◦C) enables producing the cast iron
characterized by high elongation and tensile strength at a level of 850 MPa. At a
relatively low transformation temperature, e.g. 260 ◦C, ADI grades with strengths
of up to 1600 MPa are obtained. They are additionally characterized by a very high
hardness and excellent abrasive wear resistance.
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Fig. 5.44 Influence of the number of eutectic grains on the tensile strength of nonalloyed gray cast
iron with flake graphite. (Based on [14])

Fig. 5.45 Influence of the content of nodular graphite (lower than 100% content of the nodular
graphite means its degeneration toward the vermicular or flake form) and pearlite on tensile
strength. (Based on [14])
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Fig. 5.46 Influence of graphite form on the fracture toughness (K1C value) for eutectic cast iron
with pearlitic matrix. (Author’s own analysis based on [14, 17])

Fig. 5.47 Mechanical properties of ductile iron with various types of matrix. (Author’s own
analysis based on [15–18])

5.4.2 Fracture Toughness

The effect of primary structure, and especially of graphite precipitates present in this
structure, on the cast iron tendency to cracking is quite significant [24]. The presence
of graphite precipitates acting as micronotches drastically reduces the value of
fracture toughness (K1C) as shown in Fig. 5.47. for the eutectic cast iron with
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Fig. 5.48 Different types of ductile iron compared in terms of their fracture toughness (KIC value).
(Author’s own analysis based on [14, 17, 33])

flake graphite and with nodular graphite compared to a purely pearlitic matrix [14,
17]. The most important factors that control the gray cast iron fracture toughness
include the shape and dispersion of graphite precipitates and absence of carbides,
nonmetallic inclusions and porosity.

Assuming that the spherical shape of graphite is the optimal one, it can be
concluded that fracture toughness depends to a large extent on the type of cast
iron matrix. The drawing shows the relationship between fracture toughness and
various types of ductile iron matrix after heat treatment. The graph in Fig. 5.48
[14, 17, 33] indicates that the ADI grades with the highest strength have better
fracture toughness than the ductile iron based on a pearlitic matrix or matrix of
tempered martensite. On the other hand, compared to pearlitic ductile iron, the ADI
of a lower strength has an almost double K1C value. All tests in which ADI shows
fracture toughness better than or comparable to other materials (e.g. ductile iron,
forged steel or carburized steel) emphasize one fact, namely that along with the
increase in austempering temperature, the resistance to impact loads also increases,
reaching a maximum at 340–370 ◦C (Fig. 5.49) [17, 33]. This characteristic is a
direct proof of the relationship between fracture toughness and austenite content in
the ADI microstructure.
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Fig. 5.49 Relationship between stabilized austenite content in ADI microstructure and elongation
and impact toughness. (Author’s own analysis based on [17, 33])

Fig. 5.50 Fatigue strength to tensile strength ratio (endurance ratio) for ductile cast iron. (Author’s
own analysis based on [14, 17, 25])

5.4.3 Fatigue

The structure of cast iron affects its fatigue strength primarily through the shape and
size of graphite particles. Therefore the ratio of fatigue strength to tensile strength
decreases from a value of about 0.5 for the fine precipitates of flake graphite to a
value of about 0.3 for the cast iron with nodular graphite. Hence it follows that the
change of graphite shape from flakes to nodules affects to a lesser extent the increase
in fatigue strength than the corresponding increase in tensile strength (Fig. 5.50)
[14, 17, 25]. The fatigue strength of cast iron decreases with the increasing size of
graphite flakes.
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In the case of fatigue strength, the impact of the matrix is not as spectacular
as in the case of fracture toughness, but even then, it is worth paying attention to
one characteristic feature of the cast iron after heat treatment. It is the possibility
to mechanically harden the surface of finished ADI castings by burnishing, shot
blasting or machining. This is due to the presence of carbon-saturated austenite in
the deformed microstructure. Machining triggers the mechanism of the deformation-
induced austenite transformation into martensite. This mechanism combined with
the deformation by twinning causes additional hardening of the casting surface [52,
67]. Literature data suggest that, due to this effect, some ADI grades are in this
respect comparable to or better than forged steels [14, 17].

As in the case of fracture toughness, also for fatigue strength, a relationship can
be derived between this property and the heat treatment parameters or, in other
words, between the content of unreacted austenite in ADI and mechanical properties
of this cast iron. This is illustrated by the graph in Fig. 5.50 showing the fatigue
strength-to-tensile strength ratio of ADI. For cast iron grades with lower strength,
this ratio reaches 0.5 and decreases below 0.3 with an increase in tensile strength
Rm.

Comparison of fatigue strength of various materials, including two classes of
ADI cast iron, provides interesting information concerning the use of this material
for gears [17]. From the presented results of studies it follows that surface hardening
of castings made from ADI significantly increases their fatigue strength, which is
higher than in the common and conventionally hardened ductile iron and cast steel
grades, and is comparable to steel subjected to surface hardening treatment [24,
50–52].

5.4.4 Wear Resistance

Though abrasive wear of cast iron mainly depends on the conditions under which the
wear process occurs, the structure of this material and the properties of its individual
constituents also exert an important effect on the wear intensity (Table 5.3) [14,
16, 17, 19, 25, 33, 68]. Abrasive wear is usually directly related to the hardness
of the material and the ratio of the cast alloy to abrasive material hardness values.
Therefore, to improve the abrasion resistance of cast iron, alloying elements forming
hard phases are introduced.

The material of the highest abrasion resistance under the conditions of low
dynamic loads is white cast iron containing cementite [14, 17]. The chemical
composition of this material is determined taking into account the carried load
and the temperature at which it performs. At high load values, it is advantageous
to reduce carbon and phosphorus content in spite of the related drop in hardness.
Abrasion resistance of the white cast iron is observed to increase with the increasing
proportional content and dispersion of cementite. In both white and gray cast irons,
this property decreases with the increasing interlamellar spacing of pearlite. Wear
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Table 5.3 Comparison of
hardness values of cast iron
structural constituents.
(Based on [14, 16, 17, 19, 25,
33, 68])

Structural constituent of cast iron Hardness HV

Unalloyed ferrite 70–200
Unalloyed austenite 170–230
Alloyed austenite 250–600
Unalloyed pearlite 250–320
Alloyed pearlite 300–460
Ausferrite 280–550
Martensite 500–1010
Cementite 840–1100
(Cr,Fe)7C3 1200–1600

Fig. 5.51 Abrasive wear resistance compared for different materials. (Author’s own analysis
based on [67–69])

resistance increases with the matrix changing from pearlitic through ausferritic to
martensitic.

So far, for the cast iron with an ausferritic matrix, a definite relationship between
hardness and wear resistance has not been found (Fig. 5.51) [68, 69]. It turns out that
slightly lower hardness of ausferritic cast iron does not prevent it from competing
with steel with a hardness of 600 HV. This is due to the aforementioned surface
hardenability of ADI where through mechanical action the critical stresses are over-
come causing deformation-induced martensitic transformation and strain hardening
by twinning. The result of this surface hardening is definite increase in hardness
(Fig. 5.52). Both the surface hardening effect and the special microstructure of ADI
translate into better wear resistance.

An interesting case is the new type of cast iron proposed by American scientists
called carbidic austempered ductile iron (CADI) [70]. This material combines the
features of ADI with the structure of cast iron containing hard chromium carbides
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Fig. 5.52 (a) Hardness distribution in the surface layer and microstructure of ausferritic ductile
iron (ADI 320 grade) after abrasion process carried out with loose abrasive medium, (b) typical
microstructure after abrasion. (Author’s own work)

Fig. 5.53 Microstructure of carbidic austempered ductile iron (CADI). (Author’s own work)

in a proportion of up to 18 vol.% (Fig. 5.53). This structure, by providing adequate
strength to cast iron, enables 40% improvement in wear resistance compared to the
common ADI grades [70].

5.5 Applications and Future Perspectives

Cast irons are the most popular foundry materials, also constituting the largest
tonnage share. They account for 70% of world production of castings (Fig. 5.54),
which is mainly due to the variety of properties offered by castings. Comparable
proportions of individual foundry materials are found in all countries in which the
foundry industry is highly developed (Fig. 5.50) [13] despite the growing demand
for light alloys. Trends observed in global production indicate that the production
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Fig. 5.54 Share of individual materials in the overall production of castings in the world (2016).
(Author’s own analysis based on [12])

Fig. 5.55 Production of castings in top five countries producing highest amounts of cast metals
(2016). (Author’s own analysis based on [12])

of ductile iron or cast iron with vermicular graphite is treated as an indicator of the
development of the foundry industry in a given country and of those industries for
which castings are important components of end products. This is particularly well
visible in the machine and automotive industries. ADI is considered the highest
achievement of cast iron technology; hence it is worth quoting several possible
applications of this material (Fig. 5.55):

• Automotive: gears, connecting rods, camshafts, steering axles
• Agriculture: plough ploughshares, parts of the chassis of the agricultural

machines, toothed wheels
• Mining: pump bodies and casings, rotors, crankshafts, drills



5 Cast Iron–Based Alloys 207

• Railway applications: locomotive wheels, clutches, suspension elements of
wagons

• Arms industry: missile shells, track vehicle feet, armored vehicle casings

5.6 Summary

It is not possible to describe in a few words the vast potential of all modern types
of cast iron obtained in foundry processes. Each casting method (melting process,
mold material, etc.), each alloying element, and each heat and surface treatment
technology will have its respective share in the properties of the final product.
This is true for any group of foundry materials, and this is also true for cast
iron – the most popular casting alloy in the world. Good castability, the ability
to exactly reproduce even most intricate configurations and at the same time the
ability to shape the structure in both micro- and nanoscale to the level that provides
the highest strength properties – these are the unique features of this alloy. This
chapter, showing only some isolated examples, tries to convey this simple message
that modern technologies, even if based on most common metal alloys, are still
capable of providing the necessary properties to modern engineering constructions.
Many other possibilities of shaping cast iron properties have not been mentioned
here, e.g., creating unique properties by surface layer technologies, electromagnetic
processing, or creating discontinuous structures with multidimensional geometry
through new casting techniques or 3D printing methods [71]. The author, however,
is convinced that these are areas of future development also for high-strength casting
iron alloys. One can learn about the latest achievements in scientific conferences
where subject matter is focused on cast iron and other important iron alloys. These
are events like the International Symposium on the Science and Processing of Cast
Iron and the International Conference on Modern Steels and Iron Alloys.
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Chapter 6
Low-Density Steels

Shangping Chen and Radhakanta Rana

Abbreviations and Symbols

AHSS Advanced high strength steel
DP Dual phase
TRIP Transformation induced plasticity
3GAHSS 3rd generation advanced high strength steel
2GAHSS 2nd generation advanced high strength steel
LDS Low density steel
BCC Body centred cubic
SFE Stacking fault energy
SRO Short range order
CALPHAD CALPHAD is originally an abbreviation for CALculation of

PHAse Diagrams, but is later expanded to refer to Computer
Coupling of Phase Diagrams and Thermochemistry

BCC_A2 or A2 A solid solution FeAl of body centred cubic structure
BCC_B2 or B2 An ordered solid solution FeAl of body centred cubic structure
κ A type of carbide with (Fe,Mn)3AlC, in which Al atoms are

located at corners of the unit cell, Fe and Mn at the face centred
positions, and C at the body centre

κ′ A metastable κ-carbide with (Fe,Mn)3AlCx (x < 1), which has
the same crystal structure as the κ phase but with an incomplete
occupation of the C atoms

κ* κ-carbides formed at grain boundaries
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γ Austenite phase in Fe-Mn-Al-C steels, in which Fe or Mn and
Al atoms are randomly located at cubic positions or face centred
positions in an face centred cubic lattice

γ′ The solute-lean austenite decomposed during cooling from high
temperature austenite in Fe-Mn-Al-C steels, having L12 crystal
structure

γ′′ The solute-rich austenite decomposed during cooling from high
temperature austenite in Fe-Mn-Al-C steels, precursor of κ′-
carbide, having L′12 crystal structure

γR retained austenite phase
α Ferrite phase forming from austenite phase
α′ Martensite phase with body centred tetragonal lattice
β-Mn A phase with a complicated crystal structure in Fe-Mn-Al-C

steels
ε Martensite phase with hexagonal lattice
δ Ferrite phase forming from liquid steel
DO3 An ordered solid solution Fe3Al of body centred cubic structure
K state A complex short-range ordered phase in Fe-Al phase diagram
K1 A complex short-range ordered phase in Fe-Al phase diagram
K2 A complex short-range ordered phase in Fe-Al phase diagram
E21 A perovskite crystal structure designated in the Strukturbericht

classification
L12 The crystal structure of the ordered γ phase in Fe-Mn-Al-C

steels, Al atoms are located at corner positions, Fe and Mn atoms
at face positions

L′12 The crystal structure of κ′, which has the same crystal structure
as the κ phase but with an incomplete occupation of the C atoms

ao The lattice parameter of austenite
λ Oliver factor
σy0 Initial yield strength for Hall-Petch equation
σuts0 Initial ultimate tensile strength for Hall-Petch equation
rm Lankford parameter or normal anisotropy parameter
�r Planar anisotropy parameter
n Strain hardening exponent
Ecorr Corrosion potential
icorr Corrosion current density
ρ Density
ρferritic Density of ferritic phase
ρaustenitic Density of austenitic phase
n An automotive part dependent index for determining specific

stiffness
ECUN Impact energy measured from Charpy U-notch specimens
Espec Specific energy absorption
HSLA High strength low alloy
DDRX Discontinuous dynamic recrystallization
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CDRX Continuous dynamic recrystallization
r-value Anisotropy parameter
PSN Particle stimulated nucleation
TTT Time-temperature-transformation
TEM Transmission electron microscope
FCC Face centred cubic
SEM Scanning electron microscope
TWIP Twinning induced plasticity
YS Yield strength
UTS Ultimate tensile strength
UE Uniform elongation
TE Total elongation
K Hall-Petch parameter
DSBR Dynamic slip band refinement
MBIP Microband induced plasticity
SIP Shear band induced plasticity
3D Three dimensional
USFE Unstable stacking fault energy
DC Dislocation cells
CB Cell blocks
ASTM E-8 Specimen geometry (tensile) conforming to the standard of

ASTM International where ASTM stands for American Society
for Testing and Materials

1GAHSS 1st generation advanced high strength steel
CVN Charpy V-notch
BH Bake hardenable
IF-HS High strength interstitial free (IF)
DC04 A deep drawing quality according to DIN EN 10130 standard
HC300LA A cold rolled microalloyed steel grade according to DIN EN

10268 standard
ASB Adiabatic shear band
S-N Alternating stress versus number of cycles to failure for fatigue

test
PFZ Precipitate free zones
FCG Fatigue crack growth
HEC Hole expansion capacity
DEH Dome expansion height
BA Bending angle
ST Strip thickness
HAZ Heat affected zone
GTAW Gas tungsten arc welding
FCAW Flux core arc welding
LBW Laser beam welding
WA Widmanstätten austenite
AA Acicular austenite
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M2 steel A tungsten-molybdenum tool steel
AISI 304 An austenitic Cr-Ni stainless steel grade according to American

Iron and Steel Institute (AISI) standard
AISI 316 An austenitic Cr-Ni stainless steel grade according to American

Iron and Steel Institute (AISI) standard
BIW Body-in-white
E-modulus Elastic modulus
DP500 Dual phase steel with a minimum ultimate tensile strength of 500

MPa
DP600 Dual phase steel with a minimum ultimate tensile strength of 600

MPa
DP980 Dual phase steel with a minimum ultimate tensile strength of 980

MPa
DP1000 Dual phase steel with a minimum ultimate tensile strength of

1000 MPa
M Martensite
B Bainite

6.1 Introduction

The development of advanced steels with high strength, good ductility and tough-
ness has long been pursued. Advanced high-strength steels (AHSS) including
dual-phase (DP) steels, transformation-induced plasticity (TRIP) steels and retained
austenite-controlled third-generation advanced high-strength steels (3GAHSS) [1–
3] and high-manganese austenitic steels as second-generation AHSS (2GAHSS) [4]
have been developed. Traditionally, the high level of specific strength (i.e. strength
to density ratio) of advanced steels has been sought to be achieved mainly by
increasing the strength of the steels. An alternative way of increasing the specific
strength of steels is to develop steels with lower density by alloying with light
elements such as Al (and/or Si). These alloying elements are usually added to the
Fe–Mn–C based alloy systems. These steels with elevated contents of light alloying
elements are referred to as ‘low-density steels’ (LDS).

Aluminium is expected to increase the corrosion and oxidation resistances of
steels as well as to reduce the density. The Fe–Mn–Al–C steels were developed
as potential substitutes for more expensive Fe–Cr–Ni-based stainless steels for
different applications such as in aerospace and chemical industries for oxidation and
corrosion resistance, with specific compositions recommended for each purpose. In
particular, the research efforts on the development of the Fe–Al–Mn–C alloys to
replace Fe–Cr–Ni–C stainless steels were active until the 1980s considering the
replacement of costly Cr and Ni by less expensive Al and Mn, respectively. The
chronological development of these alloys for various applications can be found in
the literature, in particular, in the work of Hadfield [5], Dean and Anderson [6], Ham
and Cairns [7], Kayak [8] and Kim et al. [9]. More recently [10], the possibility
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of adopting the Fe–Mn–C–Al alloys for automotive structural applications has
attracted considerable attention due to the potential of direct mass saving in the
auto bodies by using these steels.

The efforts in developing the low-density steels are summarised in compre-
hensive review and overview articles [11–14] and in special issues [15, 16]. The
potential of lightweight steels for automotive applications [17, 18] and for the
military and other transportation industries [19] has been assessed. Issues related to
the processing and properties of LDS have also been examined [20, 21]. Recently,
it has been reported that the B2 phase can be utilised to increase the strength of
low-density steels [22]. The concept of high-entropy alloys has been applied to
design multicomponent steels including Fe-Mn-Al-C steels [23]. Therefore, the field
has been enriched scientifically to a great extent in the recent past. This chapter
aims to summarise these researches in a concise manner highlighting the complex
metallurgy of these alloys and proposing the strategies of future research directions.

6.2 Types of Low-Density Steels

Based on the matrix phase of the microstructure, different types of low-density steels
have been reported such as:

1. Fully ferritic [24–30]
2. Ferrite-based duplex [31–47]
3. Austenite-based duplex [48–59]
4. Fully austenitic [60–76]

It is to be noted that for this classification ‘ferrite’ refers to both δ-ferrite and α-
ferrite which are body-centred cubic (bcc) in crystal structure and form from liquid
iron and an austenite phase, respectively, during cooling of the alloy.

Ferritic Fe–Al low-density alloys can contain up to 5% Mn but only a very low
amount of C.∗ This type of alloys has an elongated δ-ferrite microstructure at hot
working conditions and can be present as A2-disordered FeAl, B2-ordered FeAl or
DO3-ordered Fe3Al at room temperature depending on the Al content.

Austenitic low-density steels contain a higher Mn content, typically between
12% and 30%, Al up to 12% and C between 0.6% and 2.0%. This type of alloys
can have a fully equiaxed austenitic microstructure at hot working temperatures,
and the austenite is metastable after fast cooling.

Ferrite-based duplex low-density steels have a microstructure of γ + δ-ferrite
with larger than 50% δ-ferrite, whereas the austenite-based duplex low-density
steels have a microstructure of γ + δ-ferrite at hot working temperatures with
the austenitic phase forming the continuous matrix. The stability of austenite in

∗All the alloy chemistries in this chapter are given in weight percentage (wt.%) and all the phase
fractions are given in volume percentage (vol.%) unless otherwise mentioned.
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ferrite-based duplex LDS is relatively low in comparison to the austenite-based
ones, with the consequence of different and complex transformation of austenite
at lower temperatures in the former type of alloys. On the other hand, in austenite-
based duplex LDS the austenite phase is largely stable at room temperature due
to their high contents of austenite formers and contains nanometric κ-precipitates
inside the austenite grains [10] Thus, these type of LDS are also sometimes called
triplex low-density steels based on their three-phase components.

6.3 Effects of Alloying Elements

As mentioned previously, besides Al, C and Mn are primarily added to Fe for
creating the low-density steel alloy systems. Optionally, other common alloying
elements such as Si, Cr and Ni and various microalloying elements (Nb, V, Mo,
etc.) are also added to achieve their specific effects.

Carbon and manganese are gammagenic elements and, therefore, stabilise the
austenite phase. Both of them also cause solid solution strengthening and increase
the lattice parameters of austenite and ferrite. Furthermore, due to the presence of
C the κ-carbides form, and Mn forms the β-Mn phase. In addition, Mn increases
the stacking fault energy (SFE) of austenite, silicon, on the other hand, prevents
formation of the β-Mn phase, stabilises the bcc phases (δ or α ferrite) and gives solid
solution hardening and influences the age-hardening kinetics positively. In service,
Si increases the oxidation resistance of the steel by forming a protective film of
SiO2 + Al2O3 on the steel surface, together with the presence of Al in low-density
steels. The presence of Si also makes the casting easier since it increases the fluidity
of liquid steel. Chromium, like Si, is a bcc stabiliser but also suppresses the κ-
carbide precipitation. It increases ductility but decreases strength and gives better
corrosion and oxidation resistance to the steel. Al is the primary alloying element
which is present in LDS due to its positive effects on reducing the density of
steels but also due to relative ease of processing over presence of Si in similar
amounts. Due to the relatively large amount of Al, ferrite phases are stabilised
unless countered by austenite-stabilising elements (C and Mn) as in fully austenitic
LDS. At larger amounts, Al can also form ordered intermetallic phases of FeAl and
Fe3Al. Aluminium is also present in the κ-carbides and favours their formation.
Aluminium also increases the lattice parameter and SFE of austenite and reduces
carbon diffusivity in low-density steels.

6.4 Phase Constitutions of Fe–Mn–Al–C Alloys

Although, the broad concept of the so-called low-density steels appears to be simple,
in the sense that these steels should contain elements that are lighter to iron, complex
metallurgical principles come into picture to understand and manipulate the physical
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metallurgy of these steels to achieve a wide range of mechanical properties. To
discuss these principles, to begin with, the equilibrium phase diagrams of these alloy
systems are described below.

6.4.1 Fe–Al Phase Diagram

In low-density steels, the Al contents are usually limited to lower than about 12 wt.%
and, therefore, it is sufficient to discuss the Fe-rich part of the Fe-Al phase diagram
as shown in Fig. 6.1 [77]. It is worth noting the peculiarities in the phase diagram of
the Fe-Al system. Aluminium, being a ferrite stabiliser, extends the ferritic region
and limits the austenite phase field in the phase diagram to an ‘austenite loop’ with
a maximum solubility of Al in γ-Fe of 0.65 wt.%.

The phases present in the Fe-rich part of the phase diagram are disordered A2
(α-iron) phase and ordered B2 (FeAl) and DO3 (Fe3Al) phases. The α-Fe contains
up to ~10 wt.% Al at room temperature. The B2 FeAl phase has a superlattice and is
present in the range of 10–32 wt.% Al. The DO3 Fe3Al phase is present between 12
and 22 wt.% Al at room temperature and also has a superlattice structure. It forms
below 552 ◦C via a second-order phase transformation of the FeAl phase. The B2
and DO3 phases, due to their ordered nature, reduce the ductility and cause brittle
fracture at room temperature [78].
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In addition, there are two phase fields of the so-called K state (K1 and K2)
where complex short-range ordering reactions occur [77–80], affecting mechanical
properties [80–82]. Marcinkowski and Taylor [81] reported that considerable short-
range ordering occurs during cooling of the A2 phase below 400 ◦C for the Al
contents of 6.2–9.6 wt.% (K1 state) with a maximum ordering at 250 ◦C.

6.4.2 Fe–Mn–C and Fe–Al–C Phase Diagrams

The effects of Mn and C on the phase constitution of Fe–Al alloys have been studied
on the basis of the Fe–Al–Mn [83] and Fe–Al–C [84] phase equilibria separately.
These effects are illustrated with the partial phase diagrams in Fig. 6.2.
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In the Fe–C alloy system, Fig. 6.2a, the basic solid phases are ferrite (α, δ),
austenite (γ) and cementite (M3C, in which M refers to element Fe and/or Mn).
When Mn is added to the Fe–C system, the high-temperature peritectic reaction
gradually shifts to a lower C range with increasing Mn and disappears completely
when the Mn content is higher than ~13 wt.%, as shown in Fig. 6.2b for Fe-15Mn-
C. The γ single-phase field is extended to lower temperatures. The point S, the
eutectoid point in the Fe-C phase diagram, indicates the lowest temperature where
the γ phase exists as a single phase. Below the temperature of the S point, the γ

is metastable and starts to decompose into α-ferrite and carbides. The C content
and the temperature of the S point are reduced and lowered with increasing the Mn
content. The temperature of the S point is 386 ◦C, when 30 wt.% Mn is added.
However, the C concentration of the E point (the maximum solubility of C in γ in
the Fe–C phase diagram) is less affected by the Mn content. The addition of Mn
to the Fe–C system will form M7C3 and M23C6 types of carbides in addition to
cementite (M3C) (compare Fig. 6.2a with Fig. 6.2b) at lower temperatures. Another
new phase, called β-Mn, might be introduced when the Mn content is higher than
20 wt.% [83].

The addition of Al to the Fe–C system has a large effect on the phase fields and
the phase constituent (Fig. 6.2c). The ranges of composition and temperature for
the high temperature peritectic transformation are enlarged, indicating that a higher
level of elemental segregation (micro and macro) can occur during the solidification
process. The (δ + γ) area is extended and the single γ phase area is shifted to the
right as the C concentrations of the S point and the E point are increased. A new
phase, called κ-carbide, is introduced when the Al content is higher than 2 wt.%. The
(γ + M3C) area in the Fe–C system is replaced by (γ + κ) and (γ + κ + M3C) areas.

The κ-carbide is present over a wide range of temperature. This κ-phase has a
perovskite crystal structure designated as E21 in the Strukturbericht classification.
It can dissolve some amount of Mn in Fe–Mn–Al–C systems. κ-carbide with an ideal
stoichiometry is (Fe,Mn)3AlC [85, 86]. Figure 6.3 illustrates the crystal structure of

Fig. 6.3 Unit cell of disordered γ (a), ordered γ (L12) (b) and κ-carbide (c) structure in FCC
alloys; κ-carbide illustrated here is with ideal stoichiometry: Al occupies each corner, Fe and Mn
are located on face centres and the C atom is placed at the centre of the unit cell which is also an
octahedral site made by Fe and Mn [86]
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the κ-phase in comparison with that of the austenitic phase. In the austenite, Fe/Mn
and Al atoms are randomly located at cubic positions or face-centred positions in a
FCC lattice, as shown in Fig. 6.3a. When Al atoms are located at corner positions, Fe
and Mn atoms at face positions, an ordered γ, also called L12 structure, is produced,
as shown in Fig. 6.3b. Further ordering of C to the body centre octahedral (½, ½,
½) interstitial position produces the κ-carbide, as seen in Fig. 6.3c. In practice, a
metastable (Fe,Mn)3AlCx (x < 1) phase, which has the same crystal structure as
the κ-phase but with an uncompleted occupation of the C atoms, may form via
a spinodal decomposition [87, 88]. κ-carbides exist at a broad composition range
[85]. In the literature, the ordered L12 structure is often referred as the short-
range order (SRO), while the non-stoichiometric κ-(Fe,Mn)3AlCx is also referred
as κ′ or L′12 ordered crystal structure [87]. Yao et al. [89] have measured the
chemical composition of the κ-carbide by atom probe tomography in a Fe–30Mn–
7.7Al−1.3C (wt.%) alloy aged at 600 ◦C for 24 h and found depletion of both C and
Al in comparison to the ideal stoichiometric bulk perovskite. The off-stoichiometric
concentration of Al can, to a certain extent, be explained by the incoherency strain
of κ in austenite, which facilitates occupation of Al sites in κ-carbide by Mn atoms.

In the Fe–Al–C phase diagrams, there are two important phase boundaries:

– The solvus temperature of the κ-carbide formation indicated by the line S-E in
Fig. 6.2c.

– The order-disorder transition temperature of ferrite shown by the dashed line
in Fig. 6.2c. The temperature of the solubility limit of the κ-carbide in the γ

phase increases as the C content and/or the Al content are increased. Ferrite
transforms to the ordered B2 phase at a temperature below 500 ◦C, and this
transition temperature decreases as the C content increases.

6.4.3 Fe–Mn–Al–C Phase Diagrams

The phase equilibria of quaternary Fe–Mn–Al–C systems have been investigated
for many decades [90–99]. Several researchers established the isothermal phase
sections of Fe–Mn–Al–C alloys in the high temperature range of 900–1200 ◦C –
both by experiments [90–93] as well as by theoretical calculations [94–98].

Figure 6.4 shows the isotherms of phase relations in Fe–(10,20,30)Mn–xAl–yC
alloys at 900 ◦C including results established by experiments and calculated from
thermodynamic databases. The individual points are the experimental compositions
(by Kim et al. [93] in Fig. 6.4a and by Ishida et al. [90] in Fig. 6.4b and c); the red
lines are the isotherms of phase relations established by Ishida et al. [91]. The dotted
lines and the solid black lines are, respectively, the results calculated by Chin et al.
based on a CALPHAD approach [94] and calculated by using FactSage 6.4 [96]. As
seen in these diagrams, four phases, including ferrite, austenite, cementite and κ-
carbide, exist in the quaternary Fe–Mn–Al–C alloys at hot working temperatures
in the composition range considered. The influence of C and Al contents on
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the constituent phases, in particular, the stability of the κ-carbide, is reproduced
fairly well. There are differences in the composition ranges of the different phase
fields between the calculations and experiments, although the calculations from the
different approaches are similar. The experimental data show that the γ region is
extended to the direction of the high Al concentration as Mn is increased. However,
the calculations show that the γ region expands towards a higher Al concentration
with increasing Mn up to 20% but shrinks with further increasing Mn. Thus, there
is a derivation between the calculations from the current available databases and the
experimental data as the Mn and Al contents are increased. This suggests that more
accurate thermodynamic databases and models are needed for developing the phase
diagrams for high Mn- and high Al-containing steels.

The experimental results and the calculations also demonstrate that the single γ

region is slightly reduced as the temperature is decreased from 1200 to 900 ◦C [90–
96]. The isothermal sections of the phase diagrams at 900 ◦C are important for alloy
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(a) (b)

(c)

Fig. 6.5 The polythermal sections of the phase diagrams of Fe–15Mn–xAl–yC alloys calculated
from FactSage as a function of C for Mn = 15% and various Al contents, (a) Al = 4%, (b) Al = 7%,
(c) Al = 10%. The dash-dotted lines are the formation temperature of the κ-phase; the dashed lines
are the disorder to order transition temperature

design because this temperature generally approximates with the final hot rolling
temperature in the industrial production lines for automotive flat products.

The austenite in the Fe–Mn–Al–C alloys is not a stable phase at lower tempera-
tures. Any heat treatment will lead to the decomposition of austenite to approach
equilibrium state. The decomposition reactions and products can be predicted
from polythermal phase diagrams (sections of temperature vs. Al or C content
diagrams) of the quaternary Fe–C–Mn–Al alloys. Polythermal phase diagrams
were experimentally established for the Fe–(20-35)Mn–10Al–xC alloy system as
a function of the C content by Goretskii et al. [91]. Phase diagrams of Fe–Mn–
(0–9)Al–C were also calculated by Kim et al. [93] and Chin et al. [94] based
on the CAPHAD approach. Figure 6.5 shows a few phase diagrams calculated
from FactSage for Fe–15Mn–xAl–yC alloys. Some important points from these
experiments and phase calculations are summarised below.
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• The equilibrium phases in the Fe–Mn–Al–C system at the iron-rich side may
include: γ-austenite, δ(α)-ferrite, κ-carbide, M3C, M23C6, M7C3 carbides and β-
Mn. These phases may coexist under conditions depending on the compositions
and temperature.

• The lowest temperature where γ phase exists as a stable single phase decreases to
386 ◦C as Mn is increased to 30% in Fe–Mn–C steels. The γ phase is not stable
at temperatures lower than 386 ◦C in Fe–Mn–Al–C steels.

• The addition of Al in Fe–Mn–C steels enlarges the phase field of ferrite and
suppresses the γ single phase region.

• In Fe–Al–C steels, the κ-phase is formed when Al is higher than 2%, while in
Fe–Mn–Al–C steels, the required Al content to form the κ-phase is increased to
higher than 5% when more than 2% Mn is added. The experimental evidence
shown by Buckholz et al. [99] also supports this statement. This indicates that
Mn restrains the formation of the κ-phase and Al restrains the formation of the
other carbides such as M3C and M23C6.

• The formation temperature of the κ-phase, indicating its stability, increases as the
C and Al contents increase. The solvus temperature of κ-carbide decreases as Mn
is increased up to 15%, and this does not change with further increase of Mn.

• As the C and Mn contents of the steels increase, the austenite region is enlarged
for a given Al content. In case a single-phase austenite matrix is desired, the
ferrite-stabilising effect of Al must be compensated by an increased Mn and C
content.

• The predictions show that the disorder-order transition of BCC_A2 (α) to
BCC_B2 occurs when the Al content is higher than 2%, which is lower than
that obtained from the experiments (see Fig. 6.1). The disorder-order transition
temperature increases as the Al and Mn contents increase but decreases as the
C content increase. This indicates that the increases of the Al and Mn contents
enhance the formation of ordered phases within the ferrite, while the increase of
the C content restricts the formation of ordered phases.

• The homogeneous region of γ is enlarged by increasing Mn content up to 20%,
then shrunk by further increasing the Mn content up to 30%.

The thermodynamic phase diagrams demonstrate that a variety of microstruc-
tures can be obtained in Fe–Mn–Al–C steels depending on the alloy compositions
and temperature. From the microstructural point of view, the alloy design criteria
should be based on the absence of κ-carbides at hot working temperatures,
prevention of coarse grain boundary precipitation of κ-carbides and prevention of
formation of the other carbides such as M23C6 and M7C3 at lower temperatures to
achieve good mechanical properties.

6.5 Microstructure Development in Fe–Mn–Al–C Alloys

As discussed in the previous sections, the austenite in the Fe–Mn–Al–C low-
density steels is not a thermally stable phase at lower temperatures. However, the
stability of the austenitic γ-phase can be very high, and it can be present at room
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temperature if high amounts of the stabilising elements (Mn and C) are added to
the alloy. The phase constituents at hot working temperatures can be predicted by
applying thermodynamic calculations by assuming that the equilibrium conditions
are approached. At lower temperatures, the diffusion-controlled transformations are
slow and also the driving force for a martensitic transformation is too low as com-
pared to the conventional steels. However, the formation of the phase constituents
is predominantly controlled by the kinetics, and the actual microstructures may
be away from those derived by thermodynamic calculations. The microstructural
evolution under the industrial processing conditions is elaborated in this section.

6.5.1 Generic Processing Routes

The Fe–Mn–Al–C alloys reported in the literature have been made mostly as small
ingots (~ 50 kg or lower) by using standard vacuum melting and ingot casting
route on a laboratory pilot scale [24–76]. Usually, these ingots are homogenised
at a temperature in the range of 1100–1250 ◦C for 1–3 h and then hot rolled to
2–5 mm thickness at a finish rolling temperature in the range of 850–1000 ◦C. In
some cases, the steel strips are reheated many times between rolling passes to avoid
cracking and temperature loss during hot rolling. After hot rolling, the hot rolled
strips are cooled to a temperature between 500 and 650 ◦C and held for 1–5 h to
approximately simulate the coiling step for conventional steels or directly water
quenched or air cooled to room temperature.

For ferritic low-density steels and ferrite-based duplex steels, it is not practical to
produce hot-rolled products by applying a hot rolling and coiling schedule similar
to that used for conventional steels as the grain size of the δ-ferrite is very large
and the grains are highly elongated after hot rolling. Therefore, cold rolling and
annealing are needed to control their microstructures. The ferritic Fe–Al steels are
generally cold rolled and heated to a temperature in the range 700–1000 ◦C for
recrystallisation annealing to control the grain size and texture of the ferrite matrix
as well as the precipitation of κ-carbides [26–30]. The continuous annealing line for
producing conventional high-strength low-alloy (HSLA) steel strips can be utilised
for the annealing purpose. The ferrite-based duplex steels are cold rolled and then
annealed at an intercritical temperature in the range of 700–900 ◦C, followed by an
austempering or overaging process [31–47].

As shown in Fig. 6.6, for austenite-based low-density steels, there can be many
processing routes [60–76]. For hot-rolled products, after hot rolling, the strips can
be directly fast cooled to a temperature in the range of 500–750 ◦C, then slow
cooled or isothermally held, as indicated by process 1 in Fig. 6.6. Alternatively,
the hot-rolled strips can be fast cooled to room temperature, followed by isothermal
annealing as indicated by process 2. The cooling rate after hot rolling should be
high enough to avoid the formation of the intergranular κ-carbides. The coiling
temperature and the cooling rate during coiling can be manipulated to obtain fine,
nanoscale κ-precipitates avoiding the coarse ones. For age-hardenable austenitic
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Fig. 6.6 Process variants for producing hot-rolled and cold-rolled austenitic Fe–Mn–Al–C steel
strips. The numbers identify process routes as described in the text

Fe–Mn–Al–C steels, in order to avoid the uncontrolled precipitation of κ-carbides,
hot-rolled or cold-rolled strips can be solution-treated at a temperature between 900
and 1100 ◦C in the single austenitic phase, and finally quenched in water, oil or
other quench media. Subsequent annealing treatments are performed to produce
precipitation hardening as indicated by processes 3, 4 and 5 in Fig. 6.6. Process
3 has no isothermal holding and processes 4 and 5 are applied to maximise the age-
hardening effects. The common practice for age hardening is to hold the material
isothermally for 5–20 h in the temperature range of 450–650 ◦C [11–16, 100].
For non-age-hardenable austenitic Fe-Mn-Al-C steels, after cold rolling, recovery
or recrystallisation annealing in the temperature range of 600–900 ◦C for a short
time (1–5 min) can be applied to restore the ductility or to refine the grain structure.
In this case, the continuous annealing line for producing conventional steel strips
can be used [20].

6.5.2 Microstructure Evolution in Ferritic Fe–Al Steels

As the ferritic Fe–Al steels usually contain a large amount of Al but small amount
of C (< 0.03%), there is no α → γ transformation during heating in the entire
processing temperature range. Ferrite in these steels is the δ-ferrite that is directly
produced from liquid during the casting process. The hot working is conducted in
the single-ferrite phase range. As Al not only extends the ferrite region to high
temperatures but also increases the recrystallisation temperature of ferrite, the grain
size of the δ-ferrite cannot be sufficiently refined through dynamic recrystallisation
during hot rolling or static recrystallisation between the hot rolling passes under
the conventional hot rolling conditions. Consequently, δ-ferrite is elongated along
the rolling direction and forms band-like structures although there might be some
degree of recrystallisation within the δ-ferrite bands, as shown in Fig. 6.7 [28]. The
as-cast δ-ferrite usually has a columnar structure with a strong cube fibre, which
is inherited in the hot rolled strips. In the subsequent cooling process, coarse κ-
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Fig. 6.7 The microstructural characteristics of low-density steels, as observed with a light optical
microscope, in the hot-rolled and, cold-rolled and annealed conditions

carbides can be formed along the original δ-ferrite grain boundaries if the cooling
rate is slow [25–30]. The κ-carbides in the ferritic matrix are semicoherent and in
the form of thick and elongated rod-like shaped structures [46].

The hot-rolled microstructures can be modified by applying different hot rolling
parameters (temperature, strain and strain rate) to activate dynamic recrystallisation
[27]. At high temperatures and high strain rates, the alloy undergoes discontinuous
dynamic recrystallisation (DDRX), whereas at lower temperatures and low strain
rates, continuous dynamic recrystallisation (CDRX) occurs. In the case of CDRX,
the original grains are elongated in the direction of the shear. Subgrains form inside
the grains, preferentially close to the initial grain boundaries. Such a microstructure
has a strong intensity of the cube texture, which has a relatively low formability
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(i.e. low Lankford parameter or r-value). While in the case of DDRX, newly
recrystallised grains have no preferred orientations (very low intensity of the texture
components). Therefore, it seems that a higher hot rolling temperature and higher
strain rate are needed to favour DDRX in order to obtain a microstructure with
recrystallized grains exhibiting random orientations which help to improve the
formability.

Cold rolling and annealing are necessary steps to change the grain structure,
grain size and texture in ferritic low-density steels [24–30]. A fully recrystallised
microstructure can be obtained after final recrystallisation annealing at the tem-
perature range 700–950 ◦C following a 50% cold rolling reduction in a Fe–7%Al
steel [28]. The δ-ferrite grains become more or less equiaxed, with the grain size
ranging from 40 to 90 μm, which is still much larger than that of low-carbon
HSLA steels. The texture in cold rolled and annealed ferritic low-density steels is
random with a relatively higher intensity of the cube fibre, {001}<110> [27, 28].
Coarse grains and the cube texture can produce high plastic anisotropy and ridging
during sheet forming. The microalloying elements such as Nb, Ti, V and B can be
used to refine grain size and to suppress the formation of the cube fibre in ferritic
low-density steels [29]. The addition of Nb in combination with C in a Fe–8Al–
5Mn–0.1C–0.1Nb steel was reported to change the microstructure and refine the
grain size through enhanced recrystallisation by the particle stimulated nucleation
(PSN) mechanism caused by pinning effects of κ-carbide and NbC particles [30].

6.5.3 Microstructure Evolution in Austenitic Fe–Mn–Al–C
Steels

The optical microstructures of the austenitic and/or austenite-based duplex alloys in
the as-cast state show a mixture of austenite (γ) and ferrite (δ) phases and present
as a dendritic structure due to the high degree of micro- and macrosegregation
caused by large amounts of alloying elements. The average austenite grain size in the
columnar zones ranges from 100 μm at the surface to 500 μm at the ingot centre [19,
101–104]. In a series of steels containing Fe– (5-40)Mn–10Al–1.0C, transmission
electron microscope (TEM) images revealed that the γ phase transforms to a mixture
of γ + κ phases, and the α phase is made up of a mixture of DO3 + coarse κ-phases
at room temperature [104].

For austenitic Fe–Mn–Al–C steels, hot working is conducted in the single γ

phase region. After reheating at 1100–1200 ◦C for a sufficient length of time, the
segregation of alloying elements in the as-cast material can be largely homogenised.
Recrystallisation occurs during the conventional hot rolling process, and the
microstructure after hot rolling generally shows an equiaxed austenitic grain
structure containing annealing twins [19] (Fig. 6.7).

When austenitic steels are slow cooled or coiled, the κ-carbides and/or α-phase
tend to precipitate along the austenite grain boundaries and within the austenite
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matrix. These κ-carbides formed during coiling are about three to six times larger
than those obtained after solutionising, quenching and aging the steel at around
550 ◦C [21, 102], decreasing ductility and toughness. Therefore, the austenitic
steels are usually fast cooled (by water quenching) from solutionising temperatures
(~900–1000 ◦C) [61–75] to room temperature to avoid the formation of coarse κ-
carbide and/or α-phase particles.

The precipitation of the κ-carbide and the decomposition of the metastable
austenite in austenitic Fe–Mn–Al–C alloys have been extensively studied [61–74,
105–130]. These studies show that, depending on the compositions of the alloys and
the annealing time-temperature profiles, κ-carbide, α-ferrite (or B2, DO3) and/or the
β-Mn phase may be produced in various forms by different mechanisms. Some other
carbides such as M23C6, M7C3 or M3C are observed during the aging processes
if the Al content is relatively low and/or other alloying elements are added [71,
112, 116–121]. Si has been shown to eliminate β-Mn formation but to promote the
formation of B2 and/or DO3 precipitates [105, 106, 110, 127].

Two types of κ-precipitates are observed in austenitic Fe–Mn–Al–C steels
aged in the temperature range of 500–900 ◦C: the intragranular κ′-phase and the
intergranular κ*-phase. The formation mechanisms of these two types of precipitates
and their contributions to the final properties of the steel appear to be quite different.
The fine intragranular κ′-phase is considered to produce age-hardening in these
alloys as it raises the yield stress significantly [11–16]. However, the intergranular
κ*-phase is much coarser and can result in a severe loss of ductility [10, 129].

The time-temperature-transformation (TTT) diagram for the decomposition of
γ solid solution during isothermal annealing has been established for a Fe–28Mn–
8.5Al–1C–1.25Si alloy [103, 105], as shown in Fig. 6.8. A series of intermediate
reactions occur before equilibrium phases are reached. Chemical modulation (spin-
odal decomposition) occurs in the area marked as 1 followed by homogeneous
κ′-carbide precipitation in the γ matrix in area 2 (γ + κ′). Area 3 corresponds to
the formation of the grain boundary κ*-carbide, γ + κ* (at higher temperature) or
γ + κ′ + κ* (at lower temperature). Area 4 represents a discontinuous reaction
product of grain boundary α(B2/DO3) and γ + κ′ + κ* + α(B2/DO3). All
equilibrium phases are present in Area 5: γ + κ + DO3 + B2 [105]. Aging at a
temperature below 500 ◦C greatly lengthens the time for the formation of grain
boundary κ* precipitation due to slow transformation kinetics.

6.5.3.1 Intragranular κ′-Phase Precipitation

Intragranular κ′-carbides refer to the precipitates produced homogeneously within
the austenitic matrix. The κ′-carbide is a metastable (Fe,Mn)3AlCx phase (x < 1)
and it is coherent with the matrix. The κ′-phase has a cube-on-cube orientation
relationship with the austenite matrix: [100]κ//[100]γ and [010]κ//[010]γ and the
lattice misfit is less than 3% [108–111]. The sequence of the κ′ precipitation in the
austenite phase has been studied in the literature [108–111] and can be described
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Fig. 6.8 TTT diagram of decomposition of γ-solid solution in a Fe–28Mn–8.5Al–1C–1.25Si alloy
during isothermal aging [105]. Area 1: spinodal decomposition; area 2: homogeneous matrix κ′-
carbide precipitation; area 3: the formation of the grain boundary κ*-carbide; area 4: discontinuous
reaction product of grain boundary α(B2/DO3); area 5: the formation of equilibrium phases

as γ → γ′ + γ′′ → γ′ + L12(SRO)→ γ+ κ′. The steps of these reactions can be
described as the following:

– A spinodal reaction causes modulation of C and Al within the austenite [19,
108–115], which decomposes the high temperature γ-FCC austenite into two
low-temperature FCC austenite phases: the solute-lean (C and/or Al) phase γ′
and the solute-rich phase γ′′ .

– A short-range ordering (SRO) reaction takes place upon further cooling to lower
temperature, and the solute-rich FCC austenite γ′′ transforms into the L12 phase.

– The L12 phase transforms to the E21 κ′-carbide by further ordering of carbon
atoms.

– Precipitation of κ′-carbide leads to the destabilisation of the remaining austenite
and ferrite is precipitated, followed by imminent β-Mn precipitation [114, 115].

The spinodal decomposition and following ordering reaction have been reported
to take place during cooling (either quenching or air cooling) from solution
treatment and/or during the initial stage of aging in some alloys [61–74, 105–
115]. The reported observations demonstrate that the high-temperature austenite has
already started to transform into low-temperature austenite and L12 phase (SRO)
or L’12 (κ′) carbides during cooling after solution treatment. The decomposition
products of the austenite depend on the Al and C contents and cooling rate. Alloys
with a lower Al < 7% only produce SRO in the rather slow cooling rate, while
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alloys with high contents of Al and C form κ′ (L’12)-particles directly during
water quenching or even κ-particles during air cooling. The spinodal decomposition
kinetics, the density of SRO and the amount of the fine L’12 within the austenite
matrix increase as the C and Al contents increase in the alloys, especially in the
alloys with C > 1.3% and Al > 10% [115, 116, 122, 123]. The size of SROs is
reported to be less than ∼2 nm and randomly distributed in solution-treated and
water-quenched states.

Aging of the austenitic Fe–Mn–Al–C alloys results in a more definite precip-
itation of κ′-particles within austenite grains [11–15, 62, 66, 67, 107]. The L’12
phase was observed to precipitate homogeneously in the austenite as small coherent
particles in the initial stage of annealing in a Fe–18Mn–7Al–0.85C alloy when
the annealing temperature is below 625 ◦C [98]. Initially the κ′-carbide appears in
cube-shaped morphology [86, 108, 114]. With increasing the annealing time, the
metastable L’12 phase within the austenite matrix accumulates C and Al atoms
from the surrounding carbon-lean austenite and grows upon prolonged annealing,
and transforms to κ-carbides. The lattice parameter of κ′-carbide increases and the
parent phase lattice parameter decreases, and this leads to a loss of coherency and a
more plate-like morphology.

6.5.3.2 Intergranular κ*-Phase Precipitation

Intergranular κ*-phase precipitation refers to the κ-precipitates produced along
austenite grain boundaries. With a prolonged holding time at higher annealing
temperatures, κ-carbides are found to precipitate heterogeneously on the γ/γ
boundaries in the form of coarse particles [118–120]. Grain boundary κ* generally
has a parallel orientation relationship with one of the neighbouring grains [98].
The κ*-phase develops originally as discrete particles but soon becomes nearly
continuous along the grain boundaries. After aging for a long time, the κ*-particles
grow into adjacent austenite grains and form a lamellar structure. Depending on the
steel composition and the annealing temperature, the κ*-carbides might be formed
through precipitation reactions, cellular transformations or eutectoid reactions.

The precipitation reactions occur during the transformation of high-temperature
austenite into distinct κ-carbide or α ferrite at temperatures in the γ + κ or in
the γ + α + κ areas [97, 98]. These precipitation reactions can be described as
γ → γ + κ or γ → γ + κ + α. When annealing is done in the γ + κ region for a long
time, the κ*-phase develops originally as discrete particles but soon becomes thin
films distributed continuously along the γ grain boundaries [97]. When annealing
is done in the γ + κ + α region, especially at a lower temperature in the phase
field, both α and κ* independently nucleate on the austenite grain boundaries.
Separate α ferrite grains (in distinct form) and κ*-carbide precipitates (as thin films)
coprecipitate on the austenite grain boundaries by the precipitation reaction.
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Fig. 6.9 Secondary electron images of a Fe–18Mn–7Al–0.85C austenitic steel, showing the
growing feature of L’12 precipitates (κ′) in the austenite and the evolution of the κ*-carbide in
κ + γ + α lamellar colonies on the austenitic grain boundaries after isothermal holding at 700 ◦C
for various periods of time [111]: (a) 1 h, (b) 25 h, (c) 100 h

The cellular transformation, which is a special precipitation reaction, is a form of
discontinuous reaction, involving grain boundary migration. The cellular transfor-
mation occurs during the transformation of high-temperature austenite into lamellae
of austenite, ferrite and κ-carbide or M23C6 at temperatures in the γ + α + κ or in
the γ + α + κ + M23C6 phase fields [97, 98]. The cellular transformations are
described by γ → γ + κ + α or γ → γ + κ + α + M23C6. In these cases, the
κ*- and α-precipitates not only nucleate simultaneously on the grain boundaries
but also grow into the austenite matrix as small nodules of the lamellar mixture.
The lamellar κ*-carbide grains are always accompanied with austenite twins in
the lamellar austenite grains. Figure 6.9 shows that the lamellae of α + γ + κ

develop initially from the austenite grain boundaries as lamellar colonies and grow
from the grain boundaries via the cellular transformation in a Fe–18Mn–7Al–0.85C
austenitic steel [111]. Formation of coarse second-phase particles having a lamellar
morphology was also observed to occur after aging at 625 ◦C for a longer period of
time in a solution treated Fe–28Mn–9Al–0.8C alloy [62].

The eutectoid reaction involves the replacement of a high-temperature phase
by a mixture of new low-temperature phases. Figure 6.10 shows the lamellae of
α + κ + M23C6 formed by a eutectoid reaction in a Fe–13.5Mn–6.3Al–0.78C
alloy [97]. These lamellar phases are produced from the decomposition of austenite
during the eutectoid reaction of the quaternary alloy (γ → α + κ + M23C6). Since
the Al concentration in the steel is higher than that of the eutectoid composition,
proeutectoid ferrite and κ-carbide appear in the austenite prior to the eutectoid
reaction to reduce the Al content of the retained austenite. The retained austenite
decomposes into ferrite, κ-carbide and M23C6 carbide during the eutectoid reaction.
Lin et al. [121] have also shown that the complex carbide M23C6 may occur on
γ/γ grain boundaries in Fe–26.6Mn–8.8Al–0.61C alloy during aging at 550 ◦C for
10–40 h.
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Fig. 6.10 Microstructures of a Fe–13.5Mn–6.3Al–0.78C steel after solution treatment at 1000 ◦C
followed by aging at 600 ◦C for 100 h [97], (a) Optical microscope image showing large κ-pearlite
colonies along the austenite grain boundaries; (b) and (c) TEM bright-field images revealing the
internal portions of various κ-pearlites. M23C6 is indicated by C

6.5.3.3 Conditions for the Formation of Intra- κ′ and Intergranular
κ*-Carbides

The thermodynamic calculations in Sect. 4.3 show that the κ-carbide is formed in
Fe–Al–C steels when Al is higher than 2%, while in Fe–Mn–Al–C steels, an Al
content of higher than 5% is required to form κ-carbides. The formation of carbides
in relation with the compositions of austenitic steels has been systematically
investigated in a series of alloys with Fe– (23–31)Mn– (2–10)Al– (0.4–1.0)C
compositions [116, 117]. For leaner alloyed Fe–Mn–Al–C compositions even after
long aging treatments at 650 ◦C for 360 h, no κ precipitation was observed [116].
Other carbides such as M3C, M7C3 or M23C6 can be formed after annealing at a
lower temperature in alloys with Al content less than 5.5%. Thus, it was concluded
by Huang et al. [116] that the intragranular κ′-phase can precipitate only in alloys
with Al and C contents higher than about 6.2% and 1.0%, and that the intergranular
κ*-phase can precipitate only in alloys with Al and C contents higher than about
5.5% and 0.7%, respectively. Further, the formation of κ′-phase can be related to
the lattice constant (in nm) ao of austenitic Fe–Mn–Al–C alloys, which has been
determined to be a linear function of chemical composition (in wt%) [116].

ao = 0.3574 + 0.000052 Mn + 0.00094 Al + 0.0020 C − 0.00098 Si (6.1)

A critical lattice constant of about 0.3670 nm was found for the austenite
matrix, below which the intragranular κ′ phase does not precipitate. Thus, the lattice
constant of the austenite matrix was proposed to serve as a simple empirical index
in determining the precipitation of intragranular κ′-phase. By use of the critical
lattice constant (0.3670 nm) and Eq. (6.1), a composition boundary (in wt.%) for
the precipitation of intragranular κ′ phase in Fe-Mn-AI-C alloys can be expressed
as:
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Fig. 6.11 The precipitation of intragranular κ′-phase as a function of alloy compositions. The
individual points labelled by the open circles, solid squares and solid diamond symbols indicate that
the experimental alloy compositions locate in the γ, γ + κ and γ + α + κ phase fields, respectively
[109, 116, 130]. The solid lines are the κ′ formation boundaries predicted by Eq. (6.2) [116]. The
dashed lines are the γ/α boundaries fitted from experimental data [8, 9, 109]

0.098 Al + 0.208 C = 1 − 0.0054 Mn (6.2)

Figure 6.11 shows the precipitation of intragranular κ′-phase as a function of
alloy compositions determined from Eq. (6.2) [116].

The effects of Al and Mn contents on the solvus of both intergranular and
intragranular κ-phase were investigated for a composition range of Fe-(21–32)Mn-
(2–10)Al-1C, as shown in Fig. 6.12 [117]. The results indicate that the addition of
Al raises the solvus of both intergranular and intragranular κ-phases significantly,
while the addition of Mn causes only a slight decrease of the solvus.

As κ-carbide has an ordered FCC structure, the character of the matrix/κ interface
will be strongly dependent on the matrix structure, i.e. FCC (γ) or BCC (α). In the γ-
phase, the lattice parameter of the κ-phase is 0.383–0.386 nm and γ/κ interfaces are
coherent (lattice mismatch <3%) [86], whereas in the α phase, the lattice parameter
of the κ-phase is 0.387–0.389 nm and α/κ interfaces are semicoherent (lattice
mismatch ~6%) [46]. As a consequence, at the same aging conditions (< 100 h
at 600 ◦C), κ-carbide is present as nanoscale cuboidal precipitates in austenitic Fe–
Mn–Al–C steels [66, 69, 86], whereas in ferritic or duplex steels, these precipitates
are thicker and may assume an elongated rod-type shape [46].
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Fig. 6.12 The effects of Al and Mn contents on the solvus of κ-phase in (a) Fe-30Mn-xAl-1C and
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The effect of the contents of the alloying elements on the formation of κ′ phase
can be understood from two aspects: driving force and strain energy due to misfit
between κ′ and γ. Since the κ-phase and the matrix have a parallel orientation
relationship and a common {100}-type interface [109], the lattice misfit between
the κ-phase and the matrix (about 2.1%) could result in considerable misfit strain
energy. Increasing the Al and C contents increases the chemical driving force for
the precipitation of κ′ phase, and at the same time, also increases the lattice constant
of austenite (by 0.00094 nm per wt% for Al and 0.0020 nm per wt% for C), which in
turn decreases the misfit between austenite and intragranular κ′-phase and thereby
the coherent strain energy. Both the increase in chemical driving force and the
decrease in strain energy are favourable for the precipitation of intragranular κ′-
phase. Increasing the Mn content also increases the matrix lattice parameter (by
0.000065 nm per wt% Mn), and therefore it should decrease the misfit strain energy
between the intragranular κ′-phase and matrix, and facilitate the intragranular κ′-
phase to precipitate. However, increasing the Mn content can decrease the driving
force for the κ-phase to precipitate. The net result is that increasing the Mn content
is not favourable for the κ-phase to precipitate. It is to be noted that the Mn content
has been shown to have only a minor effect on the range of composition within
which the κ-phase can precipitate.

The effects of aging temperature on the formation of the κ-precipitates can be
approximately divided into the following two ranges:

1. 450–650 ◦C: When the alloy is aged within this temperature range, fine κ′-
carbides precipitate coherently within austenite matrix as well as on grain
boundaries. The size of κ′-carbides is about 20–50 nm depending on chemical
composition, aging temperature and aging time.

2. 650 ~ 800 ◦C: The κ-carbides precipitate not only coherently within austenite
matrix, but also on grain boundaries in the form of coarser particles. The higher
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the aging temperature, more is the quantity of the grain boundary κ*-carbides.
Besides the precipitation of κ*-carbides, β-Mn precipitates are also observed to
form on the grain boundaries through the transformation, κ → α + β-Mn, in high
Mn-containing alloys when a longer annealing time is applied.

Since the intergranular κ*-carbides and β-Mn precipitates are detrimental to the
ductility and toughness of austenitic low-density steels, it is desirable to avoid
their formation. From a composition point of view, Mn has no significant effect
in strengthening these alloys but is essential in stabilising the austenitic matrix.
Therefore, it is better to increase the Mn content, possibly up to 35%. More Mn
should be avoided because it may result in the formation of brittle β-Mn phase [105,
107]. The Al content should be less than about 5.5 wt% to avoid the κ*-phase [116].
However, Al is an element for strengthening and light weighting in this alloy system
and should not be decreased further. In addition to being an austenite stabiliser, C is
also a strong strengthening element and its content should be kept high for strength.
It is suggested that C content should be more than 0.7 wt%. The aging temperature
should be controlled to below the solvus of intergranular κ*-phase, and the aging
time should be controlled to limit the formation of the intergranular κ*-phase and
β-Mn.

6.5.3.4 Precipitation of α (B2)

In addition to the κ-precipitation, the α-precipitation may occur during annealing
after solution treatment, depending on the steel composition and the annealing
temperature. This is usually observed as fine stringers along the γ-austenitic grain
boundaries [98, 111]. The α-precipitates can also form along the shear bands or
the twin boundaries [22]. In the solution treated fully austenitic microstructure, the
α-precipitates on γ grain boundaries are initially coherent with one of the austen-
ite grains, with a Kurdjumov-Sachs orientation relationship, (111)γ//(110)α and
[101]γ//[111]α [124]. These precipitates, however, loose coherence upon coarsening
as the aging time is increased [98, 111]. In duplex δ + γ microstructures, the α-
ferrite forms preferentially on the existing δ-ferrite [43]. The α-ferrite may transform
to B2 or DO3 structures at lower temperatures [15, 111] due to the high Al contents.
In a Fe–8.0Al–29.0Mn–0.90C–1.5Si steel, some discrete particles having a mixture
of α + DO3 phases are formed along the γ grain boundaries by an ordering transition
during quenching [127]. In a Ni-alloyed Fe–15Mn–10Al-0.86C–5Ni steel [22], it
was observed that the B2 phase (transformed from α-ferrite) is stronger than the
austenite matrix and these particles can be utilised to increase the strength of steels
as long as the size of the B2 particles can be reduced to nanoscale. Figure 6.13
shows the precipitation of B2 particles during annealing of a cold-rolled Fe–15Mn–
10Al–0.86C–5Ni steel [22, 48]. The strategy to be adopted to produce nanoscale B2
precipitates is not yet sufficiently clear in the literature as for κ-precipitates.
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Fig. 6.13 (a) The microstructure of a Fe–15Mn–10Al–0.86C–5Ni steel after 70% thickness
reduction in cold rolling and annealing at 900 ◦C for 2 min, and (b) schematic illustration of the
formation mechanism of B2 precipitates. Area (1) in (a): B2 stringer bands transformed from δ-
ferrite, which is produced from liquid; area (2) in (a): B2 particles transformed from α precipitates
at γ grain boundaries and edges; area (3) in (a): B2 particles transformed from α precipitates at
shear bands within a γ grain [22]

6.5.4 Microstructure Evolution in Duplex Fe–Mn–Al–C Steels

In duplex alloys, the microstructure consists of δ + γ at reheating temperatures
(~1200 ◦C). During hot rolling, the δ-ferrite stringers are formed parallel to the
rolling direction, while the γ grains are refined through recrystallisation. As a result,
a banded microstructure parallel to the rolling direction, consisting of a mixture
of ferrite and austenite forms, as shown in Fig. 6.7. For a given Al content, the
volume fraction of austenite and the thickness of the austenitic bands increase with
an increase of Mn and C contents [32–38].

During hot working (reheating and hot rolling), partitioning of elements C,
Mn and Al occurs between the δ and γ phases accompanied by some amount of
γ → α phase transformation. The α phase can form along δ/γ boundaries or within
γ grains along dislocations, as shown in Fig. 6.14a for a Fe-5Mn-6Al-0.4C steel
[35]. Due to element partitioning between two phases, the C and Mn contents
in austenite are higher and the Al content in austenite is lower than the nominal
composition. The stability and the transformation products of the austenite in the
duplex microstructure depend on the composition of the alloy and the processing
parameters.

When the amounts of C and especially Mn are relatively low, for example, in
a composition with 6–8% Al, 2–6% Mn, 0.1–0.3% C [32–37], the decomposition
temperature of the austenite into the α-ferrite and the κ-carbide is quite high, and κ-
carbides can be formed even at hot working temperatures, at the interface between
austenite and δ-ferrite, forming a shell structure surrounding the austenite [17] as
shown in Fig. 6.14b. With increasing amounts of Mn, the formation of coarse κ-
carbides in duplex low-density steels at hot working temperatures can be avoided.



6 Low-Density Steels 237

Fig. 6.14 (a) Optical microstructure showing α-ferrite formed in the γ phase band (the grey areas
in the embedded microstructure) during hot rolling stage in a Fe–5Mn–6Al–0.4C steel [35]; (b)
scanning electron microscope (SEM) image showing κ-phase formed along δ/γ boundaries during
hot rolling stage in a Fe–2Mn–8Al–0.2C steel [17]

In the subsequent cooling process, if the Mn and C contents are low, such as in
Fe–(3-6)Mn–(5-7)Al-(0.1–0.5)C steels [32–35], the stability of the austenite is low,
and if the cooling rate is high such as in water quenching, the high temperature
decomposition of γ is suppressed and the austenite may completely transform into
martensite.

The transformation products within the austenite after slow cooling (air cooling
or simulated coiling at 650 ◦C for 2 h) change with the Mn content of duplex steels.
In a Fe–3Mn–5Al–0.3C alloy [32–35], it was observed that the austenite completely
transforms to lamellar colonies of α + κ during a simulated coiling. In a Fe–6Mn–
5Al–0.3C alloy [33], the austenite partially transforms to lamellar colonies of α + κ

and partially stabilises to a lower temperature and transforms to martensite. The
α + κ lamellar colonies are formed along the original austenite grain boundaries or
at δ/γ boundaries. The κ-carbides may also form with a globular morphology at the
grain boundaries of the δ-ferrite and/or at δ/γ interface boundaries. It was revealed
that the austenite decomposes into austenite and ferrite along the grain boundaries
without the formation of κ-carbides.

For duplex steels containing less than 6% Mn, the microstructure of the air cooled
hot-rolled product consists of a bimodal ferrite structure, partially recrystallised
bands of coarse elongated grains of δ-ferrite and some κ-carbides on the δ-ferrite
grain boundaries, together with bands of α-ferrite with smaller grains and enriched
with κ-carbides (produced from the original γ) and coarse κ-carbides along δ/γ
interfaces. Such a microstructure cannot make best use of the κ-carbides because
they are very coarse and are present as clusters.

The stability of the austenite in the hot-rolled duplex microstructure increases
with increasing the Mn content to above 6%. Even by air cooling, the decomposition
reaction, γ → α + κ, is suppressed and the austenite may transform into martensite,
and some amount of austenite will be stabilised to room temperature (retained
austenite). In a series of alloy consisting the chemistries, Fe–(9-12)Mn–6Al–(0.15–
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Fig. 6.15 Microstructures of the air-cooled hot-rolled specimen of the Fe–9Mn–6Al–0.15C alloy
[40]: (a) optical microstructure composing of partially recrystallised δ-ferrite (white), austenite (γ,
brown), and the other lath-like microstructure components (grey); (b) SEM micrograph showing
the details inside the lath-like microstructure component (grey area in (a)) consisting of austenite,
a lath-like martensite (α′), and small globular ferrite particles (α)

0.3)C [39, 40], the microstructure of the air-cooled hot-rolled specimen has been
found to consist of partially recrystallised δ-ferrite, austenite (γ) and other minor
microstructural constituents such as retained austenite (γR), a lath-like martensite
(α′), and small globular α-ferrite particles inside the lath-like phase, as shown in
Fig. 6.15. No precipitates of κ-carbide were observed in the air-cooled hot-rolled
samples. The amount of martensite (α′) decreases as the amounts of Mn or C are
increased.

The stability of the austenite in the hot-rolled duplex microstructure is increased
further by increasing the Mn content of the alloy to 12%. In Fe–(12–18)Mn–
8Al–(0.4–0.8)C alloys [49, 124], it was reported that the microstructures of the
water-quenched and of the air-cooled hot-rolled specimens consist of a mixture of
thin strip-like δ and γ. Fine L’12 structures were observed in the austenite, and
B2 + DO3 were found in the ferrite of the duplex steels [124]. It indicates that the
increase in the C or Mn contents reduces the volume fraction of ferrite, restrains the
precipitation of κ-carbides within the ferrite but enhances the formation of ordered
phases in ferrite. The increase in the C or Al contents enhances the formation of
L’12 and the precipitation of κ-carbides within the austenite matrix. When the Al
content in duplex steels is increased above 7%, the presence of ordered B2 and
DO3 domains was observed within the ferrite grains [20, 46]. DO3 usually leads
to embrittlement and should be avoided. Thus, for each composition of duplex Fe–
Mn–Al–C steel an upper limit for the Al content of 7% was specified for achieving
good mechanical properties.

As the δ-ferrite in hot-rolled duplex steels is partially recrystallised and is present
in an elongated shape, high anisotropy in mechanical properties is expected. The
direct utilisation of this microstructure in hot-rolled products is not practical. To
make cold-rolled products, intercritical annealing is generally applied following



6 Low-Density Steels 239

cold rolling to refine the grain size of the δ-ferrite and the γ-phase and to control
the stability and morphology of the γ phase.

The effect of annealing temperature and time on the microstructures of duplex
alloys was extensively studied to make use of the twinning-induced plasticity
(TWIP) or transformation-induced plasticity (TRIP) effects in the austenite phase
[37, 38] in addition to control the grains size of the δ-ferrite. According to research
on Fe–3.5Mn–5.9Al–0.4C [37] and Fe–8.5Mn–5.6Al–0.3C [38] steels, the volume
fraction, grain size and the SFE of the austenite phase can be controlled to obtain
TRIP or TWIP effects when steels are annealed with optimised temperature-time
profiles. The austenite grain size acts as a factor determining the activation of
martensitic transformation and twinning.

The subsequent treatment after intercritical annealing also affects the final
microstructure. The microstructural evolution in a Fe–3.5Mn–5.8Al–0.35C alloy
after intercritical annealing at 780–980 ◦C for 50 s has been reported by Sohn
et al. [36]. When a similar steel was cooled fast to a temperature at 500–600 ◦C
followed by isothermal annealing for 60 min [46], the final microstructure composed
of a polygonal ferritic matrix (recrystallised from δ-ferrite) and the lamellae
formed in the prior austenitic grains. In the lamellar structure, there are three
other phases: fine α-ferrite, κ-carbide and retained austenite (γR). The γ phase is
partially decomposed by a eutectoid reaction into ferrite and needle-like κ-carbide
(γ → κ + α + γR). The phase boundaries between γR and κ are coherent. The
precipitation of nonstoichiometric κ-carbide has also been observed in the ferritic
matrix after isothermal annealing at 500 ◦C in this steel. Also, this steel was cooled
fast to 400 ◦C after intercritical annealing to avoid the decomposition of austenite
followed by an austempering treatment at 400 ◦C for 180 s. This austempering
treatment, termed also as isothermal bainitic treatment, used to enrich austenite with
C by suppressing carbide formation during bainitic transformation, was applied so
that the austenite can be retained at room temperature. The final microstructure is
composed of a polygonal ferritic matrix (recrystallised from δ-ferrite), carbide-free
bainitic ferrite and the retained austenite in the prior austenitic grains. The results
showed that the thermal and mechanical stabilities of austenite decrease with the
increasing austenite size and volume fraction, which can be controlled by annealing
practice. When this steel was quenched to room temperature, a dual phase of δ + α′-
martensite is obtained.

For austenite-based duplex steels or fully austenitic steels, the intercritical
annealing treatment can be also applied to tune the α ↔ γ phase transformation and
recrystallisation kinetics of the ferrite and austenite to obtain a composite-like mixed
microstructure including recovered, non-recrystallised austenite, fine recrystallised
ferrite and/or austenite. The concurrent progress of primary recrystallisation in the
γ phase and γ → α phase transformation can be utilised to produce an ultrafine-
grained, duplex microstructure. Submicron-sized newly formed α-ferrite grains
could effectively pin the grain boundaries of the growing recrystallised austenite
grains and significantly slow down the recrystallisation kinetics [58, 59].

A partially recrystallised microstructure with fine dislocation substructures or
fine grains both in ferrite (< 1 μm) and in austenite (~ 3 μm) were obtained in a Fe–
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12Mn–5.5Al–0.7C steel [47] and in a Fe–0.5C–11.8Mn–2.9Al–1Si–0.32Mo–0.5 V
steel [58] after annealing of the cold-rolled steels in the temperature range of 640–
750 ◦C, which is above the κ-carbide formation temperature. Cold-rolled sheets
are generally annealed to obtain a fully recrystallised microstructure because the
existence of non-recrystallised region seriously deteriorates the ductility. However,
it has been shown that improved ductility and ultra-high strength can be realised
by actively utilising the non-recrystallisation region in combination with the TRIP
mechanism. When the mechanical stability of un-recrystallised austenite is well
balanced with critical strain for the TRIP effect, stress and strain balance can be
sustained in a very wide range of plastic deformation without tensile necking.

An ultrafine-grained duplex microstructure was reported to be achieved in
Fe–25.7Mn–10.6Al–1.2C austenitic steel by ferrite transformation constrained,
austenite partial recrystallisation treatment [59]. The hot-rolled strips were solution
treated and quenched to room temperature to form a fully austenitic structure. The
strips were then cold rolled and intercritically annealed at 870 ◦C for 30 s, followed
by fast quenching (220 ◦C/s). A duplex microstructure including α (< 10 vol.%,
size <0.5 μm), recrystallised γ (~ 50 vol.%, size <1.5 μm) and uncrystallised γ (~
40 vol.%) was obtained during intercritical annealing. The recrystallised austenite
grains were found mainly along the prior grain boundaries and were surrounded
by submicron-sized ferrite grains. Nanosized intragranular κ-carbide formed during
quenching preferably on the microband boundaries (4.5 ± 1.8 nm) rather than in the
interior of microbands in the recovered austenite or in the recrystallised austenite
grains (1.9 ± 0.7 nm) due to the segregation of the alloying elements to the defects.

As a summary, in the duplex steels, the microstructural constituents are more
diverse and the microstructural evolution is more complicated than those in the
ferritic or austenitic low-density steels. Because of the co-existence of the δ phase
and the γ phase, the difference in recrystallisation behaviour between the δ and
the γ phases, the partially reverse transformation of γ to α and the elemental
partitioning between austenite and ferrite during intercritical annealing, many
variants of microstructures can be obtained. The final microstructure of duplex steels
may comprise of a combination from δ, γ, α, κ, martensite and bainite phases. The
phase constitution, size, volume fraction and the distribution of phases as well as the
substructures in each phase can be controlled by adjusting the annealing parameters
in combination with the preceding cold rolling reduction and the austempering that
follows the annealing. One key aspect is to control the mechanical stability of the
austenite through optimising the steel composition and processing.

6.6 Strengthening Mechanisms

6.6.1 Ferritic Low-Density Steels

The solution hardening of Al in BCC iron is an important strengthening mechanism
in ferritic low-density steels. Aluminium causes marked solid solution strengthening
in ferrite causing ~40 MPa/wt% increase in yield strength, following Suzuki’s
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Fig. 6.16 (a) Tensile properties vs. Al content showing the influence of different lattice structures
and the solid solution hardening effect of Al in Fe [24, 131]; (b) work hardening rate measured
between 1% and 1.5% plastic strain as a function of Al content [25]

theory of solid solution hardening of BCC alloys [24, 25, 131]. Figure 6.16 shows
the tensile properties of Fe–Al steels versus the Al concentration considering
different crystal structures, the non-ordered and ordered lattices. The yield strength
of a pure Fe–Al solid solution increases with increasing Al content up to 13%
(22 at%), then rapidly decreases in the range of 13–15% and then remains almost
constant with increasing Al content further to 25%. At room temperature, the tensile
elongation decreases with increasing Al content. A transition from ductile fracture
to brittle fracture without necking occurs in the range of 8–10% Al.

The formation of K1 state, which starts from 6% Al and has a short-ordered
lattice structure, causes the accelerated decrease in ductility for Al contents in the
range of 6–10% and the transition from ductile to brittle fracture. The sharp drop in
strength at 13–15% Al is due to the predominance of the DO3 superlattice structure
[128]. The ordered DO3 and B2 superlattice structures are brittle in nature due
to low strength and low ductility [78]. The appearances of ordering phenomena,
such as DO3 and B2 superlattice structures, have detrimental influences on the
strengthening. Therefore, the Al content in ferritic Fe–Al alloys should be limited
to a maximum of 9% and even down to 7% for automotive sheet applications.

Carbon (< 150 ppm), nitrogen (< 30 ppm) and silicon (< 0.3%) also increase
the strength of Fe–Al steels through solid solution strengthening [131]. Grain size
control can be used to strengthen Fe–Al steels further through Hall-Petch effect [29,
30, 131]. The addition of a small amount of microalloying elements (< 0.1%) such
as Ti, Nb V or B can cause a remarkable grain refinement [130].

Work hardening through deformation can also be applied to increase the strength
of ferritic Fe–Al steels. The work hardening rate measured over the strain range of
1.0–1.5% for Fe–Al steels as a function of the Al content is shown in Fig. 6.16b [25].
The work hardening rate is low for the disordered Fe–Al alloys with less than 7%
Al, then it rises to a sharp peak at 16% Al as the ordered state DO3 state forms, and
then falls to a moderate value above 20% Al. The deformation in Fe–Al steels may
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involve dislocation generation and slip inside the grains. In a Fe–6Al steel, where
the disordered state is obtained, dislocation glide bands have been observed, along
with dislocation tangles between them after deformation [24]. In a Fe–8Al steel,
where K1 state may be produced, the deformed structure is manifested by short,
straight segments of paired dislocations (super dislocations) with narrow mechanical
antiphase boundaries at low strains. At high strains, ferrite exhibits dense dislocation
bundles and undeformed B2 domains, indicating non-uniform deformation of ferrite
[24]. It is suggested that strain hardening of the steel is dominated mainly by
shearing of the ordered phases by superdislocations. It has also been observed that
dislocation structures after deformation at room temperature show a transition from
single, bowed dislocations for disordered materials to paired superdislocations with
a strong tendency to form straight screw segments for highly ordered materials
[25]. Deformation twinning occurs only at low temperatures because of insufficient
dislocation mobility [24].

6.6.2 Austenitic Low-Density Steels

Unlike in ferritic low-density steels, various strengthening mechanisms are active in
austenitic low-density steels. First of all, solid solution hardening plays an important
role in the strengthening of Fe-Mn-Al-C steels due to the high amounts of the
alloying elements C, Al and Mn present in these steels. Especially, the interstitially
dissolved C increases the strength of any Fe–Mn–Al–C alloy substantially. In the
solutionised and quenched condition, all the alloying elements Mn, C and Al
dissolve in the FCC austenite. The effect of C on the yield strength of austenite in
Fe–Mn–Al–C steels has been reported to be 187–300 MPa/wt% C (187 MPa/wt% C
in Mn-TWIP steels) [70]. The presence of Al in solid solution of austenite slightly
increases the yield strength (< 10 MPa/wt% Al) [21, 103].

Grain refinement is another strengthening mechanism that can be applied for non-
age-hardenable Fe–Mn–Al–C alloys. The austenitic grain size can be refined by a
combination of cold rolling and recrystallisation annealing. The effects of austenitic
grain size on the tensile properties have been determined on the basis of the Hall-
Petch relationship, using the following values: an initial strength of σy0 = 288 MPa
and Hall-Petch parameter K = 461 MPaμm1/2 for yield strength, and an initial
strength of σuts0 = 742 MPa and K = 351 MPaμm1/2 for ultimate tensile strength
(UTS) [57].

Precipitation hardening is a significant strengthening mechanism in highly
alloyed Fe–Mn–Al–C compositions. The first form of precipitation is that of
fine (nanoscaled) and homogeneously distributed κ′-carbides. The presence of
the κ′-carbide has a significant influence on the movement and arrangement of
dislocations during deformation [11–15]. The second form of precipitation is that
of the α-ferrite, which can be present as fine stringers in the γ matrix of the
high Al-alloyed compositions [98, 111]. The α-ferrite will transform to B2 or
DO3 (intermetallic phases), which may also lead to strengthening of Fe–Mn–Al–
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C steels. The formation of controlled amount of α-ferrite grains also influences
the recrystallisation behaviour of austenite and helps to obtain an ultrafine-grained,
duplex microstructure to increase the strength [58, 59].

Strengthening through work hardening is a very important mechanism for
austenitic Fe–Mn–Al–C alloys. Intensive studies [60–76] have demonstrated that
the tensile deformation behaviour and strain hardening rate in austenitic Fe-Mn-Al-
C steels are different from those in high Mn-TWIP steels. The difference becomes
larger as the Al and C contents are increased and the trend can be seen from a
series of typical engineering stress-strain curves of Fe–Mn–Al–C steels, as shown
in Fig. 6.17. In Fig. 6.17a, all the steels with different Al and C contents are solution
treated at 1000 ◦C and water quenched and have an optical microstructure of a single
γ phase [61, 130]. In Fig. 6.17b, the Fe–28Mn–10Al–1C steel consists of a single
γ phase after solutionising at 1000 ◦C and water quenching [63]. The Fe–28Mn–
12Al–1C alloy is an austenite-based duplex steel (with 8 vol.% δ-ferrite) [10]. The
stress-strain curves of this steel in the water quenched and two aged conditions
(aged at 550 ◦C for 5 min or 46 min after solution treatment at 1050 ◦C for 25 min)
are given. The Fe–28Mn–10Al–1C steel [63] has the highest total elongation (~
100%) of all the Fe–Mn–Al–C steels reported in the literature. Compared to it,
the Fe–28Mn–12Al–1C alloy has a similar UTS, higher YS but a lower TE (~
65%). Here the higher YS is related to the nanosized κ′-precipitates, and the lower
total elongation (TE), which is attributed to the presence of the δ-phase and the
strengthening effect of κ′-precipitates. The Fe–18Mn–10Al–0.9C–5Ni alloy [22] is
an austenite-based duplex steel with ~20 vol.% δ-ferrite with a process histories of
70% cold rolling reduction followed by annealing at 900 ◦C for 2 min or 15 min. A
large ductility and a high strain hardening capacity even at ultrahigh yield strength
levels of over 1 GPa are observed (see Fig. 6.17b). The B2 intermetallic phase has
been used as a strengthening element in this steel.

As can be seen, the strain hardening rate of the Al-containing austenitic steels
is always lower than that of the Al-free Mn-TWIP steel (Fig. 6.17a). For steels
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containing less than 6% Al, the strength is lower than that of the Al-free Mn-TWIP
steel. For steels containing high contents of Al and C, as Al or C content is increased,
the YS and the ratio between the YS and the UTS (yield ratio) increase and the
TE decreases. As the aging time is increased, similar trends can be observed for
the Fe–28Mn–12Al–1.0C steel with κ′-precipitation (Fig. 6.17b). The effects of the
cooling rate after solution treatment are similar to those of aging, i.e. an increase
in strength but degradation of the strain hardenability and elongation caused by
a decrease in the cooling rate [130]. The engineering stress-strain curves become
nearly horizontal as the Al or C content and the aging time are increased or the
cooling rate is decreased. Even negative work hardening rate (work softening) is
observed in the highly alloyed Fe–20Mn–10Al–1.5C steel in the water quenched
condition (Fig. 6.17a) and in the Fe–28Mn–12Al–1C steel after a longer aging time
(Fig. 6.17b). In such cases, the steels practically do not reveal any strain hardening,
but instead even have a minor stress drop at the beginning of yielding. However,
the steels do not seem to become unstable but can rather be deformed to a higher
elongation prior to fracture. Typically, conventional metallic alloys, which do not
undergo any substantial strain hardening, do not reach such a huge ductility at these
high strength levels. Such an unusual behaviour is unique for Fe–Mn–Al–C steels
bearing high contents of Al and C. The Fe–18Mn–10Al–0.9C–5Ni steel shows a
different strain hardening behaviour.

It, therefore, appears that there are two scenarios for austenite-based low-density
steels. For alloys containing less than 6% Al, there is no κ′ precipitation. The
dislocation-based strain hardening, which is followed at higher loads by mechanical
twinning, is the primary strain hardening mechanism. The lower work hardening
rate in alloys containing less than 6% Al is attributed to the suppression of the
mechanical twinning. With a higher Al content (> 7%), twinning is fully inhibited
and lower strain hardening rates are essentially associated with dislocation planar
gliding, which is affected by highly concentrated alloying elements, SRO and
κ′-carbides. Microband-induced plasticity (MBIP) [62, 63], dynamic slip band
refinement (DSBR) [74] and shear-band-induced plasticity (SIP) [10] are the
mechanisms, newly discovered, to describe the plastic deformation of Fe–Mn–
Al–C austenitic steels with a high SFE. The different characteristics of these
deformation mechanisms, together with the steel compositions, process parameters
and microstructures are summarised in Table 6.1. The variations of the true stress
and strain hardening rate with the true strain of the alloys, which were used for
studying these mechanisms [10, 63, 74], are shown in Fig. 6.18, in comparison with
those for a typical TWIP steel [83]. All reported research results in this respect
are based on SFE calculations and TEM observations with different deformation
strains. For details of mechanisms, readers are referred to the relevant literature.
Typically, structural metallic alloys reveal a monotonic decay of the strain hardening
rate as a function of strain. The strain hardening of the TWIP steel (e.g. Fe–
22Mn–0.6C alloy from [72]) exhibits the typical ‘hump’ associated with the strong
microstructure refinement by deformation twinning. This is ascribed to the role
of twin interfaces on plasticity and the activation of deformation twinning at low
stress levels, close to the yield stress. The Fe–30Mn–2Al–1.2C steel with a low
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Table 6.1 Comparison of the experimental conditions for three deformation mechanisms

Mechanism SIP [10] MBIP [63] DSBR [74]

Characteristics Homogenous shear
band formation,
sustained by nanosized
κ′-carbides

Grain subdivision by
microband intersections

Grain refinement of slip
band structure through
formation of Taylor
lattices, cell blocks and
dislocation cells

Alloy
composition

Fe–27Mn–12Al–0.9C Fe–28Mn–10Al–1.0C Fe–30.4Mn–8Al–1.2C

Solution
treatment

1050 ◦C/25 min 1000 ◦C/60 min 1100 ◦C/120 min

Cooling Water quenching Water quenching Oil quenching
As-quenched
microstructure

γ + 8 vol% δ + κ′
(20–30 nm)

γ + SRO (< 2 nm) γ + SRO (< 2 nm)

γ grain size ~ 30 μm 64 μm 40 μm
SFE 110 mJ/m2 120 mJ/m2 85 mJ/m2

Tensile sample Geometry not reported;
1 mm thickness

25.4 mm × 6 mm × 2 mm 40 mm × 6 mm
diameter

Strain rate 10−4/s 10−3/s 5 × 10−4/s
UTS/TE 875 MPa/58% 873 MPa/98.9% 900 MPa/68%

0

500

1000

1500

2000

2500

3000

0 0.1 0.2 0.3 0.4 0.5 0.6 0.7 0.8

Tr
ue

 s
tre

ss
/S

tra
in

 h
ar

de
ni

ng
 ra

te
 (M

Pa
) 1

True strain

Fe-22Mn-0.6C [72]

Fe-30Mn-2Al-1.2C [69]

Fe-30Mn-8Al-1.2C [74]

Fe-28Mn-10Al-1C [63]

Fe-27Mn-12Al-0.9C [10]

Fe-15Mn-9Al-0.7C [10]

DSBR
SIP MBIP

TWIP

Fig. 6.18 True stress and strain hardening rate vs. true strain curves measured by room tempera-
ture tensile tests of the steels used for studying various deformation mechanisms [10, 63, 69, 72,
74]



246 S. Chen and R. Rana

Al content shows a multistage strain hardening behaviour, which are linked to two
different deformation mechanisms: refinement of dislocation substructure at lower
strains and refinement of deformation twinning structure at higher strains [69]. As
seen, the strain hardening rate of the three alloys selected for displaying MBIP
(Fe–28Mn–10Al–1.0C), DSBR (Fe–30.4Mn–8Al–1.2C) and SIP (Fe–27Mn–12Al–
0.9C) mechanisms show qualitatively the same strain dependence as observed in
TWIP steels although the microstructural mechanisms are different. No changes
in deformation mechanisms are observed. The application of these mechanisms
depends on the presence of SRO or κ′-carbides. The MBIP and DSBR effects
were observed in the austenite where SRO was present while SIP was observed
in the austenite where the κ′-carbide already existed. The ‘hump’ in the strain
hardening rate vs. true strain curves decreases and becomes flat as the aging time
is increased. These mechanisms can explain the strain hardening behaviours in
the solution-treated and underaged states in the specific austenitic Fe–Mn–Al–C
steels studied but cannot be generalised. For example, the alloy Fe–15Mn–9Al–
0.7C shows a different behaviour, a monotonic decay of strain hardening with
increasing strain (black dashed curves [10] in Fig. 6.18). Above all, none of these
mechanisms can completely explain the strain hardening behaviours in the highly
alloyed steels or peak aged steels, where a negative strain hardening rate is observed.
Further investigations are required to elucidate the dislocation–particle interactions,
the role of κ′-carbides in the formation of planar dislocation substructures and the
contribution of these dislocation substructures to strain hardening.

Previous researches have demonstrated that the excellent mechanical properties
in high Mn-TWIP steels are caused by massive mechanical twinning instead of
dislocation and cell hardening [72]. However, the deformation of the austenite based
Fe–Mn–Al–C steels with different Al levels was found to be dominated by planar
glide before occurrence of mechanical twinning regardless of the SFE value and
aging conditions. The addition of Al to Mn-TWIP steels leads to the following
changes which control the mechanical properties of density-reduced Fe–Mn–Al–C
steels.

• The addition of Al to high Mn-TWIP steels significantly increases the SFE of
austenite and suppresses the formation of deformation twins, which results in the
transition of the deformation mechanisms from TRIP and TWIP to dislocation
gliding, characterised by planar slip.

• The addition of Al suppresses the cementite precipitation due to the decrease
in both activity and diffusivity of C in austenite and promotes the formation of
the SRO through ordering of Al and C in the solid solution. The SRO produces
the strain energy required for spinodal decomposition and the eventual precipi-
tation of nanosized κ′-carbide. The interaction between SRO or κ′-carbides and
dislocations leads to the development of planar dislocation structures.

The deformation mechanisms of austenitic steels are strongly influenced by SFE
[61–76]. For twinning to occur, it is generally admitted that the SFE of the steel must
be in the range of 18 mJ/m2 < SFE < 50–80 mJ/m2 [131, 132]. If the SFE is lower,
twinning is replaced by ε-martensite transformation. When the SFE is higher than
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Fig. 6.19 Effect of (a) Al and (b) C on SFE, and (c) composition-dependent SFE map of Fe–Mn–
Al–C steels at room temperature presented in 3D [134]

30–40 mJ/m2, the formation of a dislocation cell is observed during deformation of
high-Mn alloys. Thus, with decreasing SFE, the plasticity mechanisms change from
dislocation glide (slip) to dislocation glide and mechanical twinning (TWIP) and
finally to dislocation glide and martensitic transformations (TRIP: ε or α′) [131–
134]. Dislocation slip occurs at any SFE, but it predominates at lower degrees of
deformation and/or in high SFE alloys.

The effects of Al, C and Mn on the SFE of austenitic steels are shown in 3D plots
in Fig. 6.19a, b [132–134]. The addition of Al and C linearly increases the SFE of
austenite by 10 mJ/m2 per wt% of Al and 40 mJ/m2 per wt% of C, respectively.
Thus, Al and C suppress the mechanical twinning. Manganese decreases the SFE in
the range of 0 to15 ~ 20% Mn, and then increases the SFE by 1.2–3.0 mJ/m2 per
wt% of Mn with further increase of the Mn content [132]. Some sources indicate
that Si decreases the SFE of the austenite [135] by 2.4–2.8 mJ/m2/wt%, while others
suggest that the dependence of the SFE on Si alloying is non-monotonic [136, 137].
Addition of Cr results in a decrease of the SFE [136]. The SFE decreases as a result
of increase in the austenitic grain size [132].

The deformation mechanisms of the austenite-based Fe–Mn–Al–C steels, i.e.
TRIP, TWIP and MBIP, can be predicted based on the thermodynamic calculation of
SFE maps, as shown in Fig. 6.19c [134]. With increasing the content of Al in steels,
which significantly increases the SFE, the deformation mechanism shifts from TRIP
to TWIP and further to MBIP and MBIP coupled with κ-carbide precipitates in Fe–
Mn–Al–C steels.

However, the mechanisms based only on the SFE cannot completely explain the
strain hardening behaviour in Fe–Mn–Al–C steels. In spite of its high SFE with
increasing the Al content, Fe–Mn–Al–C steels exhibit planar glide characteristics
and no cell formation occurs even up to failure. This fact indicates that the SFE is
not a critical material parameter determining the slip mode, i.e. planar glide or wavy
slip.

In general, for FCC materials, planar glide is expected to occur if they have a low
SFE and so their extended partial dislocations are widely separated. If the SFE is
high enough, cross-slip of the screw component of extended partials is easy to occur,
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tending to wavy slip forming a cell structure [138]. However, planar glide has often
been observed in concentrated FCC solid-solution alloys with a high SFE [139].
Gerold and Karnthaler [139] explained planar glide at high SFE in the term ‘glide
plane softening’, associated with the interaction between dislocations and short-
range orders (or clustering). High concentrations of solute elements produce SRO
after solution treatment. The initial dislocation that moves through the FCC lattice
destroys the SRO and as such, this dislocation will face a higher resistance to slip
than dislocations that follow. Thus, plastic deformation of subsequent dislocations
becomes localised into slip bands, and this effect is called glide plane softening
[139]. SRO in Fe–Mn–Al–C steels of high Al contents has been well reported in the
solid solution state, manifested by the presence of weak superlattice reflections [61–
65, 71–74], which is similar to that of κ′-carbide. However, no other experimental
proofs for SRO have been published so far. Medvedeva et al. [140] have studied the
Mn, Al and C distributions and their effect on the SFE in austenite using ab initio
simulation. They demonstrated that Al and C as well as Mn at concentrations higher
than 15 at.% increase the SFE, while the formation of Mn–C pairs and Al-ordering
restrain the SFE growth. Short-range Al-ordering strongly decreases the unstable
stacking fault energy (USFE) making the formation of stacking faults much easier
but does not affect the SFE that can explain the observed planar glide deformation
before the occurrence of mechanical twinning regardless of the SFE. Thus, addition
of Al promotes SRO or κ′-precipitation and a phenomenon of glide plane softening,
which contribute to planar slip and increase the ductility but decrease the work
hardening rate. Buckholz et al. [99] have demonstrated that SRO produces the glide
plane softening responsible for increasing elongation where the TE increases but
the work hardening rate decreases with the Al/C ratio for solid solution in Fe–
30Mn–(3, 6, 9)Al–(0.8–1.6)C alloys. However, it seems that SRO or κ′-carbide
has different contributions to deformation as they lead to different deformation
mechanisms (MBIP and DSBR vs. SIP). Further studies on the nature of SRO and
its effect on the deformation behaviour in Fe–Mn–Al–C steels are required.

6.6.3 Austenite-Based Duplex Low-Density Steels

The deformation of austenite-based duplex Fe–Mn–Al–C steels is dominated by
the behaviour of the austenitic matrix if the δ-ferrite content is less than 10 vol.%.
The tensile response of these duplex steels is similar to that of the fully austenitic
steels, i.e. exhibition of an inflection in the strain hardening rate curve [10, 51]. The
deformation of the steels is dominated by the austenite, and the superior plasticity
has been attributed to the homogeneous shear deformation of austenite.

As the amount of ferrite increases, the austenite–ferrite duplex steels exhibit
multi-stage strain hardening characteristics due to the contribution of the δ-ferrite
[47–50, 52, 54]. A Fe–18Mn–9.6Al–0.65C steel, where the volume fraction of
δ-ferrite is about 21 vol.%, has been reported [52, 54] to exhibit distinct three-
stage strain hardening behaviour. In stage A, an early rapid decrease in strain
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hardening rate was observed which is attributed mainly to the deformation of
ferrite. In stage B, an approximately linear work hardening rate was dominated by
the response of austenite. In stage C, a sharp decline in the strain hardening rate
was ascribed to severe strain localisation in both austenite and ferrite. Austenite
possesses strain hardenability greater than ferrite, while ferrite is easier to deform.
The deformation mode of austenite (SFE ~ 66 mJ/m2) is dominated by the MBIP
mechanism. However, wavy glide in ferrite leads to the formation of dislocation
nodes, dislocation cells (DC) and cell blocks (CB). Neither secondary twin nor
strain-induced martensite was found during tensile deformation.

The ordered phases in the ferrite in duplex steels [55] have been found to affect
the deformation behaviour. The B2 domains bound by swirled thermal antiphase
boundaries are formed inside the disordered ferrite matrix. In addition to the B2
domains, fine DO3 phases are evenly distributed throughout both B2 domains
and the disordered ferrite matrix. The deformed structure of ferrite is manifested
by short, straight segments of paired dislocations (superdislocations) with narrow
mechanical antiphase boundaries. In austenite, the single planar dislocation glide
seems to be dominant at low strains and multiple planar slip occurs at high strains.
It is suggested that strain hardening of the steel is dominated mainly by shearing
of the ordered phases by superdislocations in ferrite and planar gliding dislocations
in austenite. The steel exhibits relatively high yield strength and low initial strain
hardening rate, leading to a moderate elongation. A Ni-alloyed Fe–15Mn–10Al–
0.86C–5Ni austenite-based duplex steel (with ~20 vol.% δ-ferrite) was reported [22]
to consist of γ as the matrix and two types of ferrite phases: the δ (B2) stringer bands
and the α (B2) nanosized particles along the γ grain boundaries or at shear bands
within the γ grains. The high strain hardening rate was attributed to the interaction
of dislocations with α (B2) particles. Dislocations were observed to be piled up or
bowing out at α (B2) phase boundaries. The α (B2) particles are not sheared by
gliding dislocations.

6.6.4 Ferrite-Based Duplex Low-Density Steels

Ferrite-based duplex steels possess a bimodal structure consisting of clustered
austenite particles (10–40 vol.%) in a coarse grained δ-ferrite matrix owing to
their low C (0.1–0.4%), medium Mn (3–9%) and medium Al (3–6%) contents.
In these steels, most of the deformation is accommodated by the ferrite, while
some refined austenite grains homogeneously distributed in ferrite matrix undergo a
deformation-induced martensitic transformation [27–47]. A multi-stage strain hard-
ening behaviour was observed in a duplex Fe–8.5Mn–5.6Al–0.3C steel, annealed
at 900 ◦C for 30 min, containing 40 vol.% austenite [38]. In Stage 1, the work
hardening was dominated by deformation in the ferrite phase, and the austenite
grains were deformed by dislocation slip. In Stage 2, deformation twins and α′-
martensite were independently formed inside individual austenite grains. Finally
in Stage 3, a number of thick deformation twins formed inside the austenite



250 S. Chen and R. Rana

grains. The enhanced tensile properties of ferrite-based duplex steels are ascribed
to the simultaneous formation of strain-induced martensite and deformation twins.
Deformation twinning having extremely small (about 5 nm) thickness and spacing
are activated in these steels [47]. The TRIP effect in these steels is mainly dependent
on the crystal orientation of the metastable austenite and its mechanical stability
against the formation of strain-induced martensite. The martensitic transformation
preferentially occurs in regions having high resolved shear stresses, i.e. with high
Schmid factors. The C, Mn and Al contents are not varied much with annealing
conditions of these steels and have little effect on mechanical stability. The
austenite grain size also acts as a factor determining the activation of martensitic
transformation and twinning [37]. Under optimal conditions, TRIP and TWIP mech-
anisms can simultaneously be operative in austenite grains. Beside the deformation
mechanisms, partial recrystallisation in the austenite and the fraction and size of
ferrite also influence the tensile properties of these alloys [47].

6.7 Tensile Properties of Fe–Mn–Al–C Alloys

Plots of total elongation (TE) against ultimate tensile strength (UTS) are a key
tool in claiming success in alloy design and property differentiation. There is a
large variation in the TE of Fe–Mn–Al–C steels reported in literature as tensile
specimens with various geometries were tested. The tensile strength and yield
strength are reasonably independent of specimen geometry, but the elongation,
especially TE, is dependent on the gauge length and other geometrical parameters of
the tested specimen, such as the ratio of the gauge length to parallel length and the
width/thickness ratio. The tensile properties also depend on the surface condition of
the specimens, especially for hot-rolled strips. For a fair comparison, in this chapter,
the total elongations tested with various specimen geometries in the literature are
converted to those for ASTM E-8 specimen geometry (gauge length 50 mm, width
12.5 mm, and thickness 1 mm) using an expression proposed by Oliver [141] with
an Oliver factor λ = 1.14.

Depending on the alloy composition and the process route, Fe–Mn–Al–C steels
provide a wide range of tensile properties. Figure 6.20 is a property diagram
showing the TE vs. the UTS of Fe–Mn–Al–C lightweight alloys in the solution-
treated and quenched conditions. The positions of the conventional steels are
indicated in dotted areas for comparison. The tensile properties collected from
the literature were measured from specimens with tensile direction parallel to the
strip rolling direction. It has been reported that the tensile properties of duplex
and austenitic Fe–Mn–Al–C steels have very low planar anisotropy [20, 142]. As
seen, the tensile properties (UTS, TE) of Fe–Al ferritic alloys are similar to those of
conventional low-alloyed C–Mn and HSLA steels. The ferrite-based duplex steels
are located on the upper bound of the first-generation advanced high-strength steels
(1GAHSS). The single-phase austenitic steels cover the location of Mn-TWIP steels
in the property map but with a larger area. The austenite-based duplex steels show a
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Fig. 6.20 The TE-UTS property map of Fe–Mn–Al–C alloys for a uniform specimen geometry
corresponding to ASTM E-8 standard (50 mm × 12.5 mm × 1 mm). The tensile data were taken
for the solution-treated and water-quenched conditions [10, 18, 23, 24, 28, 29, 38, 47–76, 142]

lower TE than the single-phase austenitic steels, while the strength levels are similar.
With the formation of coarse κ-carbide in the austenitic matrix, the duplex alloys
display very poor tensile elongation values irrespective of the strength.

6.7.1 Ferrite-Based Low-Density Steels

Fe–Al alloys with an Al content up to 9% and with additions of microalloying
elements such as Ti, Nb and V (< 0.1%) exhibit an equivalent strength-elongation
balance to the conventional bake hardenable (BH), low-alloyed C–Mn and HSLA
steels at room temperature [24, 28, 29, 131]. Typical engineering stress-strain curves
of a Fe–6.8Al and a Fe–8.1Al steel [28] are shown in Fig. 6.21. These steels achieve
an UTS of 450–500 MPa and a TE of 15–30%. The strain hardening exponent
(n) of BCC iron decreases slightly with the addition of Al. The n value has been
reported to be in the range of 0.19–0.21 for Al contents in the range of 6–9% [28,
131]. The average normal anisotropy value or Lankford parameter (rm) decreases
as Al is increased, from 1.4 for 1.35% Al to 1.0 for 8.5% Al [28, 29, 131]. The
planar anisotropy (�r) is about 0.03–0.77 for microalloyed Fe-6Al steels [29].
Note that some of the reported rm values in literature were calculated from the
measured texture [28] and are higher than those measured from tensile tests. The
actual r value obtained from tensile tests for a Fe-7%Al steel might be equivalent
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different heat treatments

to that of the dual phase steels (about 0.6 to 1.1). The inferior rm values of the
Fe–Al alloys, with respect to BH steels, can be correlated with the much less
intense and discontinuous γ fibre formation in the former. Optimal combinations
of microalloying elements such as Ti, Nb V or B can cause a grain refinement (from
~90 to ~40 μm) and provide about 30 MPa increase in the tensile strength and also
suppress the formation of the {001}<110 > sheet texture and, therefore, improve the
deep drawing and stretch forming properties as well as the strength and ductility
[29]. When Al is higher than 7%, the formation of the short-range ordering (K1
state) can cause brittle fracture in the sheet forming, and even during the process
step of cold rolling. To achieve good formability, the Al content should be limited to
a maximum of 7%. Ferritic low-density steels, from dent resistance considerations,
have the potential to replace the conventional BH steels in the door outer panels of
automobiles. However, the weight-saving potential might be compromised by the
reduced Young’s modulus caused by Al addition.

The ferrite-based duplex Fe–Mn–Al–C steels can provide a wide range of
tensile properties. The engineering stress-strain curves of two ferrite-based duplex
steels, Fe–3.3Mn–6.6Al–0.2C [31] and Fe–8.5Mn–5.6Al–0.3C [38], after different
annealing treatments are shown in Fig. 6.21. The Fe–3.3Mn–6.6Al–0.2C steel has
a dual phase (δ-ferrite + Martensite) microstructure after annealing at 850 ◦C
and water quenching but has a mixture of δ-ferrite + bainite + martensite +
retained austenite after quenching to 400 ◦C and austempering there for 10 min. The
austempering provides a higher elongation. The Fe–8.5Mn–5.6Al–0.3C steel [38]
has a bimodal structure consisting of clustered austenite particles and a coarse δ-
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ferrite matrix after different annealing and water quenching. The TRIP and/or TWIP
mechanisms are activated during tensile deformation depending on the mechanical
stability, the SFE and the size and orientation of the austenite grains. The TRIP is
operative in the samples annealed at 800 ◦C for 1 min and 800 ◦C for 30 min, while
the TRIP and TWIP take place simultaneously in the sample annealed at 900 ◦C
for 30 min. By adjusting the annealing parameters, the ferrite based duplex steels
can provide a high tensile strength of 600–950 MPa and a high total elongation of
30–70%. There are no reports in literature on the anisotropy parameters of these
steels.

6.7.2 Duplex and Austenitic Fe–Mn–Al–C Steels

6.7.2.1 Solution-Treated and Quenched Conditions

Figure 6.22 shows the tensile properties of two series of Fe–Al–Mn–C steels as
a function of the Al content [10, 18, 71]. For the Fe–30Mn–1.2C–xAl series in
Fig. 6.22a, the microstructure of the alloys in the range of 0–9% Al after solution
treatment is a single-phase austenite; δ-ferrite is introduced when the Al content is
higher than 10%. Compared with the tensile properties of an Al-free TWIP steel
(Fe–30Mn–1.2C), the addition of less than 7% of Al to the steel leads to a slight
increase in the YS but a decrease in the UTS and TE. The increase in the YS is due

Fig. 6.22 Tensile properties of two series of Fe–Mn–Al–C steels showing the effect of Al on
the tensile properties through changes in microstructure. (a) Fe–30Mn–1.2C–xAl, (b) Fe–30Mn–
0.4C–xAl. The steels were solutionised at 1100 ◦C for 2 h. Solid curves are properties from the
water-quenched samples; dotted curves are properties from the water-quenched and aged (at 550 ◦C
for 24 h in air atmosphere) samples. (Data are taken from refs. [10, 18, 71])
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to the solid solution strengthening of Al. The decrease in the UTS is attributed to
a suppression of mechanical twinning caused by the increase of the SFE. However,
with increasing the Al content further beyond 8%, the YS, UTS and TE all increase
again, and the tensile response is similar to that of the Al-free alloy. In alloys
containing high Al (> 7%) and high C (> 1.0%), metastable κ-carbide (L’12) may
form during quenching after solution treatment, which increases the strength and
does not impair the elongation of the steels. With further increasing Al to above
10%, the increase of strength is accompanied by a severe deterioration of ductility.
This is due to the fact that the δ phase and/or coarse κ-carbide are introduced in the
austenite grain boundaries. The presence of grain boundary δ-ferrite decreases the
plasticity of such alloys and enhances the anisotropy of mechanical properties.

For Fe–20Mn–0.4C–xAl steels (Fig. 6.22b), the effect of Al on the tensile
properties is found to be different. The Fe–30Mn–0.4C steel in an as-solutionised
condition contains a very small amount of ε-martensite, which leads to a rather
low elongation. The addition of 2% Al to the Fe–30Mn–0.4C steel produces a fully
austenitic microstructure and causes an increase in the SFE, resulting in a decrease
both in the YS and UTS but an increase in the work hardening rate and TE. With a
further increase in the Al content from 2% to 11%, the microstructure changes from
a single phase austenite to a duplex microstructure consisting of austenite and δ-
ferrite, and the amount of δ-ferrite increases as Al is increased. The SFE of the steels
is also increased. The strength increases as the amount of the ferrite is increased with
increasing Al. This is due to the fact that the solution hardening effect of Al in the
ferrite (40 MPa/wt% of Al) [24] is stronger than that in austenite (10 MPa/wt% of
Al) [21]. The elongation drop is due to the increase in the amount of ferrite and
the suppression of twinning in the austenite. The δ-ferrite in the high Al-containing
alloys transforms to DO3 or B2 type lattice, which becomes brittle.

The effect of C on the tensile properties of low-density steels is shown in Fig.
6.23 for steels containing similar Al contents but with two significantly different
Mn levels [62, 66, 67, 142]. With lower C levels, Fe–Mn–Al–C steels have duplex
microstructures. As the C content is increased, the amount of the austenite increases,
and the steels will have a single-phase austenite when C reaches a certain level
(~ 0.7% for Fe-30Mn-9Al-xC steels and 1.0% for Fe-20Mn-10Al-xC steels). For
duplex steels, the YS decreases slightly and UTS does not change significantly as
the amount of austenite is increased with increasing the C content. This is due to the
fact that the solution hardening of Al in the austenite is decreased. The Al content in
austenite is reduced as a result of the elemental partitioning between two phases, and
it decreases as the C content increases. On the other hand, the deformation capacity
of the austenitic phase cannot fully unfold because of early failure from the δ/γ
interfaces. The TE of duplex steels increases as the amount of austenite increases
and reaches a maximum value until the matrix becomes single-phase austenite. For
single-phase austenitic steels, the strength increases but the elongation decreases
with increasing C content, which is related to the increased amount of κ-carbide
precipitation (or ordering) in the austenite upon cooling after solution treatment.
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Fig. 6.23 Tensile properties of two series of Fe–Mn–Al–C steels showing the effect of C on the
tensile properties through changes in microstructure. (a) Fe–30Mn–9Al–xC, (b) Fe–20Mn–10Al–
xC. (Data are taken from refs. [62, 66, 67, 142])

The effect of Mn on the tensile properties of Fe–Mn–Al–C steels is related to
the Al and C contents of the steels [11, 12]. Manganese, forming an almost perfect
substitutional solid solution with iron, displays almost no solid solution hardening in
austenite. Manganese can indirectly affect the properties by increasing the volume
fraction of austenite as well as the solubility of Al and C in the γ-solid solution.
Manganese content in the range of 22–30% show similar tensile properties [11, 12].
When the Mn concentration exceeds 30%, it gives rise to the β-Mn precipitation,
causing extreme brittleness [108, 109, 130].

Adding Si has also been shown to increase the strength and hardness during
aging but to decrease the work hardening rate [19, 106, 110]. Silicon has been
reported to increase the kinetics of κ-carbide precipitation by increasing the activity
of C in austenite and thus increasing the partitioning of C into the κ-carbide during
aging. Silicon can prevent or suppress the formation of brittle β-Mn during extended
aging treatment. Chromium addition to Fe–Mn–Al–C alloys results in an increase of
ductility and a decrease of strength due to the suppression of κ-carbide precipitation
[130, 147, 148]. The effects of other elements such as Mo, V, and Nb have also been
studied and summarised in the literature [11, 12], indicating that the effects of these
elements on the mechanical properties of Fe–Mn–Al–C steels are rather limited.

The solution temperature and cooling rate after solution treatment have also their
effects on the tensile properties of austenite-based low-density steels. The strength
decreases but the elongation increases as the solution temperature is increased due
to a larger austenitic grain size [61, 63]. The strength increases as the cooling rate is
decreased due to the formation of a higher density of SRO or κ′-precipitates [130].
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6.7.2.2 Age-Hardenable Austenitic Steels

A. Effect of aging

The dotted curves in Fig. 6.22 show the tensile properties of these alloys after
aging at 550 ◦C for 24 h [10, 18, 71]. Aging greatly reduces both the UTS and TE
of the Al-free Fe–30Mn–1.2C steel but very weakly affects the tensile properties of
the alloys, Fe–30Mn–1.2C with Al additions of 2–7%. The strong hardening effect
can only be seen in the Fe–30Mn–1.2C–xAl steels when Al content is higher than
7%. The increase in strength is attributed to the precipitation hardening effect of κ′-
carbides. However, aging of Fe–20Mn–0.4C–xAl duplex alloys at 550 ◦C does not
introduce a significant change in tensile properties although it may slightly increase
the amount of α-ferrite or introduce κ′-carbides in the alloys with increasing the Al
content.

Kalashnikov et al. [129] have also studied the effect of Al and C contents on
the tensile properties and impact toughness of the austenite-based Fe–Mn–Al–C
alloys in the aged condition. The tensile properties and the impact toughness as a
function of Al or C contents are given in Fig. 6.24. Again, alloys with intermediate
Al concentrations (about 2–7%) do not offer improved tensile properties with
increasing the Al content. However, the austenitic Fe–Mn–Al–C alloys containing
Al > 7% and C > 0.7% can produce pronounced strengthening after aging treatment
through the formation of fine and dispersed κ′-carbides.

Fig. 6.24 (a) Effect of Al on mechanical properties of Fe–30Mn–xAl–(0.85, 0.95)C steels. The
alloys were quenched from 1150 ◦C and aged at 550 ◦C for 16 h. ECUN is the impact energy
measured from Charpy U-notch specimens (1 mm notch radius). (b) Effect of C on mechanical
properties of Fe–30Mn–9Al–xC steels. The alloys were water quenched from 1050 ◦C (dashed
curve) and aged at 550 ◦C for 16 h (solid curves). (Data are taken from ref. [129])
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B. Aging kinetics

Age hardening is associated with the homogenous precipitation of κ′-carbides
within the austenite. The strengthening potential of the κ′-phase is between 100 and
350 MPa for a volume fraction of approximately 0.05–0.35 [133].

As discussed in the previous sections, in Fe–Mn–Al–C austenitic steels contain-
ing high amounts of Al and C, SRO zones or nanosized κ′-carbides form uniformly
in the water-quenched steel and the coarse cuboidal κ′-carbides precipitate in the
air-cooled steel. This indicates the very fast precipitation kinetics of κ′-carbides in
the early stage of precipitation.

Figure 6.25 illustrates the age hardening behaviour of austenitic Fe–Mn–Al–C
steels as functions of aging temperature and the steel compositions. Figure 6.25a
shows the age hardening response of a Fe–30.4Mn–8Al–1C–0.35Si steel at various
aging temperatures [109]. As can be seen, the Fe–Mn–Al–C alloys follow classic
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Fig. 6.25 The age hardening of austenitic Fe–Mn–Al–C alloys established using hardness mea-
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and converted to Brinell hardness for comparison; (c) the tensile properties of several alloys as a
function of aging time, showing the effect of the C content and temperature. Data are taken from
refs. [66, 67, 107]
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age hardening trends; the peak hardness increases for longer times at lower aging
temperatures. Figure 6.25b summarises the age hardening response of six Fe–Mn–
Al–C alloys aged at 550 ◦C [107, 109]. Two alloys, Fe–29Mn–4.9Al–0.98C and
Fe–34Mn–7.8Al–0.5C, do not show any age hardening response because the Al or C
content is too low to form the κ-carbides. For the other alloys, the hardness increases
as the C content is increased in the alloys [88, 107]. Figure 6.25c demonstrates the
age hardening response of three Fe–Mn–Al–C alloys aged at 550 ◦C or 450 ◦C
with a higher C content (> 1.3%), showing the effect of the aging temperature and
the C content on the aging kinetics. The solution treatment temperatures were 980,
1200 and 1200 ◦C for the Fe–30Mn–7.8Al–1.3C [107], Fe–28Mn–9Al–1.8C [66]
and Fe–30Mn–8.5Al–2C [67] alloys, respectively, to obtain full austenite during
solution treatment. These tensile data clearly show that the peak strength increases
and the aging kinetics decrease as the aging temperature is decreased, and that the
peak strength increases and the aging kinetics increase as the C content increases.
The increment of the peak strength is about 350 MPa when C content increases
from 1.3% to 1.8%. After the peak aging time, both the strength and ductility
gradually drop due to the formation of the coarse intergranular κ*-carbide, the grain
boundary lamellar colonies composed of discontinuously coarsened κ-carbides and
transformed α-ferrite phase and/or β-Mn precipitates on the γ/γ grain boundaries.

The increase in the Al content from 7% to 11% gives an increase in the age
hardening effect, as can be seen in Fig. 6.22 and Fig. 6.23, but has less influence
on the age hardening kinetics, as seen in Fig. 6.25b. The effect of Mn content in
the range from 24% to 34% on the age hardening behaviours was examined by
Kalashinikov et al. [129] using fixed Al and C concentrations of 9% and 0.9%,
respectively. The YS and UTS reached a maximum at 26% Mn, while ductility and
impact toughness peak at 31% Mn.

From Fig. 6.25, it can be seen that it takes a rather long time for age hardenable
Fe–Mn–Al–C steels to reach the peak strength and the TE decreases monotonously
with increasing aging time. However, the YS and TE of Fe–Mn–Al–C steels are
sensitive to the cooling rate after solution treatment or short aging. That is, a
wide range of mechanical properties can be realised by processing control without
altering the steel chemistry: (a) water quenching can produce a single austenite
phase with SRO that exhibits a high tensile strength and high ductility; and (b)
either controlled cooling or short aging time can produce a single austenite phase
with κ′-carbide that shows a high yield strength and moderate ductility. This fact
provides engineering significance of this steel grade for automotive applications.

Cold rolling prior to aging has been shown to retard the subsequent aging process
but to produce a higher strength [143, 144]. At the same time, the γ → α + β-Mn
reaction is accelerated making the alloy extremely brittle. However, warm rolling
before aging seems to suppress this reaction, and this might be a promising approach
to produce appropriate combinations of mechanical strength and fracture toughness
[9, 145]. But, understanding on the effects of deformation on the κ′ precipitation in
the literature is limited and warrants more research in this direction.
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6.7.2.3 Non-age-Hardenable Austenitic Steels

For non-age-hardenable austenitic steels with the Al content less than 7%, it
is possible to combine cold rolling with annealing to obtain high strength and
formability simultaneously. After cold rolling, annealing in the temperature range
of 500–1000 ◦C for a short period of time above the formation temperature of
M7C3 can be applied to partially recover the ductility or to obtain fine recrystallised
austenitic grains. An effective grain refinement is caused by the generation of a large
number of nanoscale twin boundaries during cold rolling. By subsequent recovery
annealing, the deformation twins exhibit thermal stability while the dislocation
density is reduced, providing the opportunity for cold formability on the one hand
and high strength by extreme grain refinement on the other hand. Figure 6.26a shows
the tensile properties of a Fe–22Mn–1.2Al–0.3C steel after annealing at various tem-
peratures following different amounts of cold rolling [146]. Figure 6.26b shows the
tensile properties of a Fe–22Mn–7Al–0.8C steel after annealing at various tempera-
tures following a 50% thickness reduction by cold rolling [20]. The microstructure
with a lower degree of recrystallisation will provide a relatively high strength but
a lower elongation. With increasing both the annealing time and/or temperature,
the yield behaviour changes from continuous to discontinuous yielding due to the
increasing recrystallised volume fraction of the microstructure. Strong increases in
yield strength and tensile strength are observed due to the austenitic grain refinement
when a lower annealing temperature and a shorter annealing time are used. When
the annealing is conducted at an intercritical temperature, the controlled amount
of α-ferrite grains can be introduced to influence the recrystallisation behaviour
of austenite and to obtain an ultrafine-grained, duplex microstructure consisting
of recrystallised austenite grains surrounded by submicron-sized ferrite grains, and
recovered austenite regions which might be strengthened with preferential nano-κ′-
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carbide precipitation [58, 59]. This partially recrystallised duplex microstructure
demonstrates excellent strength-ductility combinations, e.g. a yield strength of
1251 MPa, an ultimate tensile strength of 1387 MPa and a total elongation of 43%,
arising from the composite response by virtue of diverging constituent strength and
strain hardening behaviours [59].

6.8 Application Properties of Fe–Mn–Al–C Alloys

6.8.1 Impact Toughness

For structural applications, a good combination of mechanical strength and fracture
toughness is desirable. The impact toughness as a function of temperature in some
austenitic Fe–Mn–Al–C steels has been established [19, 147–151], as shown in
Fig. 6.27, in comparison with that of the conventional steels and the various types
of stainless steels. The Fe–Mn–Al–C steels in the as-solutionised condition show
high impact energy of 200 J/cm2 at room temperature, which is equivalent to that
of a typical austenitic stainless steel and is higher than that of the conventional
steels. However, these Fe–Mn–Al–C(Si) alloys exhibit a ductile-to-brittle transition
at temperatures lower than −100 ◦C, as indicated by curves 1–3 in Fig. 6.27.
The impact energy decreases as the aging time is increased. After peak aging, the
Charpy V-notch (CVN) impact energy of the Fe–28.3Mn–5.38Al–1.04C steel at
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room temperature is much reduced, and the energy value falls continuously with
decreasing temperature (curve 4), while the impact energy of the Fe–30Mn–10Al–
1C–1Si alloy is reduced to almost zero value (curve 5). Microvoid coalescence was
observed for fracture of the solution-treated specimen, and the aged microstructure
produced brittle grain boundary or cleavage fracture.

The CVN impact toughness of duplex steels at room temperature is similar
to the values obtained for the duplex stainless steels. The impact toughness can
be optimised by adjusting the annealing parameters to change the size and the
distribution of the δ phase and the γ grain size in duplex steels [54]. Ultrahigh CVN
toughness levels of about 450 J/cm2 (measured from specimen where the V-notch
direction is perpendicular to the rolling direction) was obtained in Fe–5Mn–(3–
4)Al–(0.05–0.2C) steels [151]. The steel had a laminated dual phase structure of
ferrite and martensite after hot rolling and has a strength of 0.8–1.2 GPa in the
rolling direction. This impact toughness is much higher when compared with that
of the conventional AHSS (usually <300 J/cm2) with a similar strength.

The dynamic fracture toughness of Fe–30Mn–9Al–0.9C–xSi steels, measured
from specimens with a sharp crack, is much higher in the solution-treated condition
(71.5 J/cm2) than in age-hardened conditions (9.5–37.5 J/cm2) [19], which is
comparable with that of a cast 4130 steel in quenched and tempered conditions
(9.4–13.6 J/cm2).

The impact toughness of Fe–Mn–Al–C steels depends on the phase constituents
and their distributions, in particular, the formation of κ-carbide and the presence
of δ-ferrite. The impact toughness as a function of Al and C contents is shown
in Fig. 6.24. When the Al content is below 7%, there is no κ-carbide formed but
instead, other carbides such as Fe3C or M7C3 may be produced along the grain
boundaries during aging. The distribution of these carbides has little effect on the
strength but reduces the ductility and toughness significantly. As Al is increased
above 7%, the formation of Fe3C or M7C3 carbides is retarded and κ-carbides
form. The strength increases but ductility and impact toughness decrease due to an
increasing volume fraction of the hardening κ-carbide particles. The strengthening
effect of the intragranular κ′-precipitates is associated with a decrease of ductility
and can lead to brittle fracture before yielding at subambient temperatures [147]. On
the other hand, the intergranular κ*-phase alone can result in a severe loss in impact
energy at both room and subambient temperatures [148]. As the Al content exceeds
10%, δ-ferrite is introduced in the microstructure as a banded phase, which further
decreases the plasticity and toughness of such alloys and enhances the anisotropy
of mechanical properties. The main crack source derives from the γ/δ interfaces in
duplex steels because of the incompatibility in deformation between the two phases
[129].

The effect of C on the impact toughness is given in Fig. 6.24b. An increase in C
content increases strength, ductility and the impact toughness up to ~0.7% C in aged
conditions due to the increase in the volume fraction of the austenitic phase, solid
solution hardening by C and κ′-precipitation hardening in austenite. Above ~0.7%
C, strength continues to increase but ductility and impact toughness decrease due
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to the increased amount of the κ*-precipitates. Silicon and phosphorus have been
reported to decrease the fracture toughness of the austenitic lightweight steels [19].

In summary, the impact toughness of the austenitic steels in the solution-treated
and water-quenched states is higher than that of the conventional AHSS but is
lower than that of the austenitic stainless steels. The impact toughness of austenitic
low-density steels is greatly reduced in the age-hardening conditions and also
significantly influenced by the cooling rate after solution treatment due to the
formation of SRO and κ-carbide. There is not enough information in the literature
to draw conclusions on the toughness of the other types of low-density steels and
needs future research attention.

6.8.2 High Strain Rate Properties

A very important parameter which characterises the impact behaviour of deep
drawing steels for automotive bodies and frame structures is the specific energy
absorption, Espec, defined as the deformation energy per unit volume at a given
temperature and strain rate in the order of 102–103/s. Figure 6.28 represents the
Espec value of the Fe–Mn–Al–C steels in comparison with some conventional deep
drawing steels, such as DC04, HC300LA and high-strength IF (IF-HS) steels [10,
18, 75]. It is shown that the Espec value of Fe–Mn–Al–C steels is about 0.5 J/mm3,
when the Al content is higher than 7%, which is similar to that of Mn-TWIP steels
and about 50% higher than that of the conventional deep drawing steels (between
0.16 and 0.25 J/mm3). The enhanced energy absorption of Fe–Mn–Al–C steels is
due to the severe shear band formation at high strain rates.

The high strain rate behaviour of Fe–Mn–Al–C alloys has been investigated for
solution-treated [26, 45] and age-hardened [26, 142] conditions utilising a split

Fig. 6.28 Specific energy
absorption values of
Fe–Mn–Al–C steels in
comparison with different
conventional deep-drawing
steels at the crash-relevant
strain rate of 103/s [10, 18]
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Hopkinson bar compression test for strain rates from 103/s to 104/s [45]. The Fe–
Mn–Al–C alloys in both solutionised and age-hardened conditions show increasing
yield strengths and decreasing failure strains with increasing deformation rate. A
Fe–28Mn–12Al–1C steel in the aged condition [10] has shown compressive true
strengths greater than 1.5 GPa and true fracture strains exceeding 40% at strain
rates between 103/s and 104/s. At higher strain rates the work hardening exponent
also increases, the activation volume for dislocation mobility decreases, and the
degree of dislocation entanglement increases. Fracture in this loading regime occurs
by highly localised deformation bands or shear bands [130]. The high deformation
rate causes momentary localised high temperatures to occur within these bands.
Low thermal-conducting materials cannot dissipate the heat causing lower stress
within the band. This phenomenon has, therefore, been designated as adiabatic shear
band (ASB) formation. Solution-treated Fe–Mn–Al–C alloys have demonstrated a
resistance to fracture by adiabatic shear bands as work hardening occurs prior to
shear localisation [152].

Another study shows that in fully austenitic Fe–22Mn–(0, 3, 6)Al–0.6C steels,
which were dynamically compressed with nearly constant strain rate of ∼3200/s
at room temperature [153], the strain-hardening rate of the Al-free steel was the
highest and that of other two steels was nearly the same. This suggests that dynamic
flow of the Al-free steel was associated with both TRIP and TWIP effects, and that
of other two steels was dominated by dislocation gliding – mainly, planar glide for
the 3Al steel and the combination of both planar glide and wavy glide for the 6Al
steel.

6.8.3 Fatigue Behaviour

The S–N fatigue strength of the austenitic Fe–Mn–Al–C steels in the as-quenched
condition is equivalent to high Mn-TWIP steels [154] and is higher than that of
austenitic Cr–Ni steels, but is inferior to martensitic chromium steels, provided that
cyclic stresses do not promote plastic deformation at low temperature [155]. The
fatigue strength of Fe–Mn–Al–C alloys in the temperature range of 250 to 550 ◦C
is higher than that at room temperature. The behaviour of Fe–Mn–Al–C alloys
(Fe-29Mn-9Al-0.9C) at the higher temperature ranges under the action of cyclic
loading, including elasto-plastic deformation and cyclic temperatures, is better than
the martensitic Cr-containing steels (e.g. Fe-12Cr-1.5Ni-0.2 V-1.8 W-0.5Mo-0.15C)
[164].

The duplex Fe–Mn–Al–C steels exhibit a similar S–N cyclic life response to
that of the austenitic Fe–Mn–Al–C steels under equal stress amplitude despite
differences in microstructure and strength [142, 160]. The presence of the soft and
stringed configuration of the ferrite phase and the grain size play an important role
on the fatigue life.
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Fig. 6.29 The cyclic
response of an austenitic
Fe–30Mn–9Al–1C steel after
three aging treatments
(550 ◦C for 2 h, 550 ◦C for
24 h, or 710 ◦C for 2 h) under
a strain amplitude of 0.8%
(dotted curves) [161], and a
duplex Fe–30Mn–10Al–0.4C
steel containing (65 vol.%
γ + 35 vol.% δ) in the
solution-treated condition
under strain amplitudes
ranging from 0.2 to 2.0%
(solid curves) [162] 200
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The intergranular, fine κ′ precipitates and intragranular coarse κ* precipitates
affect the fatigue properties [156, 157]. The behaviour of cyclic softening is
observed without any early stages of cyclic hardening for the age hardened Fe–Mn–
AI–C alloys containing coherent κ′-precipitates [156, 161, 162]. Fine κ′-carbides
within the grains are effective barriers to slip dislocations during fatigue. As a
result, planar arrays of dislocations and incomplete cell structure tend to form within
the grains. Thus, an inhomogeneous distribution of a high density of intergranular
carbide and the formation of planar arrays of dislocations led to an observed two-
slope behaviour in the Coffin-Manson relationship.

Figure 6.29 shows the controlled strain amplitude testing results in an solu-
tionised and aged austenitic Fe–29.7Mn–8.7Al–1C alloy and in a solution-treated
Fe–30Mn–10Al–0.4C alloy with a duplex microstructure of austenite (~ 65 vol.%)
and ferrite (the solid curves) [162]. In the austenitic steel, cyclic softening was
observed during fatigue for all three aging practices under strain amplitude of 0.8%,
as shown by dashed curves in Fig. 6.29. Cyclic softening was associated with
planar slip, shearing of κ-carbides, mechanical dissolution of the precipitates and
formation of persistent slip bands. Tjong and Ho [161] postulated that the formation
of precipitate-free zones (PFZ) in the specimen aged at 710 ◦C was responsible
for the cyclic softening, which facilitated slip band formation. The precipitates
in the specimen aged at 550 ◦C sheared early in the test due to their small size,
thus producing persistent slip bands and cyclic softening behaviour similar to solid
solution alloys. The specimen aged for 24 h endured higher stress amplitudes (from
~1000 MPa to ~750 MPa) and softened cyclically because of planar slip, dissolution
of the precipitates and formation of persistent slip bands. In duplex steels, as shown
by solid curves in Fig. 6.29, cyclic softening was observed below strain amplitudes
of 0.6%; the formation of persistent slip bands produced cyclic softening in the
austenite, and the applied strain was accommodated by these slip bands. At strain
amplitudes above 0.6%, cyclic strengthening was achieved before critical stress
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amplitude, followed by cyclic softening. The fatigue crack initiation occurred in
ferrite. Cyclic softening was not observed at strain amplitudes greater than 2.0%.

The addition of Al to high Mn-TWIP steels is reported to increase the resistance
to fatigue crack growth (FCG) [158]. The austenitic Fe–Mn–Al–C alloys in the
solution-treated state offers a higher fatigue crack growth resistance, compared with
the conventional 304 L austenitic stainless steel [159, 163]. The nature of κ′-carbide
has a significant effect on the FCG rate [159]. The aging treatment for the austenitic
steels causes the decrease in the fatigue crack propagation resistance. The FCG
rates measured in the solution treated Fe–9.33AI–25.9Mn–1.45C steel are about
two times higher than those in the solution-treated Fe–8.25AI–29.9Mn–0.85C steel.

In summary, the S–N fatigue properties of the Fe–Mn–Al–C steels in the
solution-treated conditions are better than those of the stainless steels and conven-
tional high-strength steels. However, the nature of κ′-carbides has drastic effects on
notched fatigue properties, i.e. the fatigue growth rate. Further, the mechanisms for
improved fatigue properties are not clearly understood.

6.8.4 Formability

Formability, which is important for automotive and also other strip applications,
is the ability of a material to undergo the desired shape changes without necking
failures. The values of normal anisotropy factor and the strain hardening exponent
are usually considered the most important indicators for sheet formability. In
general, the full austenitic Fe–Mn–Al–C steels display a lower work-hardening rate
compared with high Mn steels although there is no report about the anisotropy value.
A strain-hardening exponent (n value) of 0.58 was measured for a Fe–28Mn–12Al–
1C steel [10]. This value is higher than the reported n values of 0.33–0.45 for the
austenitic 304 stainless steel. Other tests such as bending and hole expansion are
used to characterise the stretch-forming and deep-drawing abilities. Limited reports
about the bendability and hole expansion capacity (HEC) of Fe–Mn–Al–C steels
[20, 56] are found for a few duplex steels in the literature, and these results are
given in Table 6.2. The HEC values of Fe–Mn–Al–C steels are comparable to that
of DP600 steels. The bending angle and the dome expansion height (DEH) of Fe–
Mn–Al–C steels are lower compared with conventional AHSS of similar strength
levels. The low bending angle in duplex steels might be related to the formation and
the presence of δ-ferrite stringers within the γ-austenitic matrix. It is known that
ordered ferrite possesses brittle behaviour [79]. In view of the limited amount of
experimental data, these conclusions cannot be generalised with confidence.

The effects of Al addition on the deformation mechanisms in tensile and cup-
forming tests in a high Mn-TWIP steel (22Mn–0.6C) and an Al-added TWIP steel
(18Mn–1.2Al–0.6C) were studied by Chin et al. [165]. The cracking or delayed
fracture takes place in the 22Mn steel but not in the 18Mn–1.2Al steel during the
cup-forming test where the strain rate is considerably high (0.02/s), although the
22Mn steel had higher tensile strength, elongation and strain-hardening rate than
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the 18Mn–1.2Al steel (tensile strain rate = 6.7 × 10−3/s). This is explained by
the fact that in the 18Mn–1.2Al steel where Al is added and the Mn content is
reduced, twinning occurs more homogeneously and with less intensity during the
cup-forming process than in the 22Mn steel. This indicates that a small amount
of Al addition might be an effective way to improve the formability of TWIP
steels. Furthermore, the resistance to hydrogen embrittlement in a Fe–18Mn–0.6C–
1.5Al steel was reported to be improved [166], but a solution-treated and aged
austenitic Fe–26Mn–11Al–1.2C alloy was found to be still susceptible to hydrogen
embrittlement [167–169]. As the cracking during cup forming or the delayed
fracture after cup forming is one of the critical problems limiting the application
of Mn-TWIP steels, intensive studies should be conducted on the effect of Al and
Mn on deformation mechanisms occurring during cup forming.

6.8.5 Weldability

The weldability of Fe–Mn–Al–C alloys has not been extensively investigated in
the literature. It has been shown that the properties of weldment in these steels
are related to welding methods. Fe–28Mn–(5, 6)Al–1C alloys were welded by
electron-beam [170, 171] and continuous-wave CO2 laser techniques [170]. The
microstructure of the welded metals consisted mainly of the columnar dendrites with
a preferred orientation and some equiaxed austenitic structures in the central portion
of the weld pool. The growth and convergence of these columnar dendrites led to
the formation of an apparent ‘parting’ in the weld centreline. The parting exhibited
a lower hardness value while peak hardness was observed in the heat-affected zone
(HAZ) of the weld.

The tensile and impact tests indicated that the weld materials exhibited lower
tensile strength, lower elongation and lower impact energy than those of the base
alloy. Creep rupture tests of the weldment and the base metal were conducted at
600 ◦C over a stress range of 225–350 MPa. Creep fracture of the weldments was
observed to occur in the region of the parting. The rupture life and rupture ductility
of the weldments were considerably lower than those of the base metal. On the
other hand, Fe–30Mn–xAl–xC alloys were welded with gas tungsten arc welding
(GTAW) process [172–174]. It was observed that all the welds presented satis-
factory properties; relatively low properties were observed only for the particular
composition with the highest carbon content. In a study with flux core arc welding
(FCAW), the ductility as well as the strength of the Fe–Mn–Al–C welds showed
superior behaviour (except the alloy with the highest Mn content due to the brittle
β-manganese phase formation) in comparison with the 310 and 316 stainless steels
welds [175].

Laser beam welding (LBW) is the most widely used technique by automotive
manufacturers to join similar and dissimilar parts. However, when LBW is applied
for high Fe–Mn–Al–C steels, a drastic evaporation of the Mn in the fusion zone (due
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to an increase in Mn vapour pressure as the temperature is increased) could decrease
the SFE, thus changing locally the deformation mechanisms [177].

The welding between medium manganese Fe–Mn–Al–C alloys and other high-
strength steels (e.g. TRIP steels, HSLA steels, and DP980 steels) has shown good
joint efficiency [178]. In contrast, in high-manganese Fe–Mn–Al–C steels, the welds
have shown a decrease in the mechanical properties for laser welding but not for
beam welding [179]. Moreover, in the welds of high-manganese duplex Fe–Mn–
Al–C steels a new region, called incompletely melted zone, has been found to form
during the laser welding process [180]; in this zone the austenite matrix was melted
completely, and the ferrite was melted partially with formation of precipitates.

The microstructural change of a Fe–Mn–Al–C weldment during aging treatment
[176] affects the weld properties. For a duplex steel consisting of γ + α phases, the
initial disordered α phase transformed to an ordered DO3 phase in the as-welded
condition. As the aging temperature increased from 550 to 650 ◦C, the ferrite in
the weld metal changed from DO3 to B2, and the ferrite base metal changed from
α + DO3 to B2 + DO3 and finally to B2. The formation of these ordered precipitates
drastically decreased the elongation and toughness of the weldment.

The hot crack susceptibility was evaluated for Fe–29Mn–8Al–(0.53, 0.81, 1.17)C
alloys [181, 182]. The alloy with 0.53% C is a duplex steel containing about 4 vol.%
δ-ferrite, while the other two alloys have a fully austenitic structure. After welding,
the ferrite content in the weld metal was found to be higher than in the base metal.
The hot-crack susceptibility is affected by the characteristic morphologies of welds.
Compared with the vermicular ferrite or lacy ferrite morphology types, the Wid-
manstätten austenite (WA) and acicular austenite (AA) morphology types exhibited
greater hot-crack susceptibility. Both intergranular cracks and transgranular cracks
were observed in WA and AA morphology types. A DO3 type superlattice was
found in the ferritic matrix of weld metal. After heat treatment at 1050 ◦C, the
amount of ferrite in the weld metal is reduced and annealing twins were found.
Tensile strengths in the weld metal were equivalent to those of the base metal but
elongations in the weld metal were lower.

6.8.6 Oxidation Resistance

The oxidation resistance of Fe–Mn–Al–C steels is higher than that of the conven-
tional steels over the temperature range between 450 and 900 ◦C in water vapour,
and in wet and dry oxygen. This is attributed to the formation of a continuous
FeAl2O4 and Al2O3 layer, which is promoted by the presence of Si and by a
fine grain size [183–187]. At 700 ◦C, stainless steel resists oxidation better than
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the Fe–Mn–Al–C alloys. However, at 500 ◦C the Fe–Mn–Al–C steel specimens
show improved oxidation resistance over the 304 stainless steel [183]. The most
oxidation resistant alloys, having compositions within the range Fe–(5–10)Mn–(6–
10)Al, develop continuous protective alumina scales and are totally ferritic [184,
185]. Austenite is detrimental to the oxidation resistance of duplex alloys as it
promotes the breakdown of pre-existing alumina scales and the growth of bulky
Mn-rich oxides. Sauer et al. [186] reported that the Fe–32Mn–7.5Al–0.6C alloys
containing 1–2% Si have good oxidation resistance up to 850 ◦C. The austenitic
Fe–8.7Al–29.7Mn–1.04C alloy was found to exhibit much higher oxidation rates
compared with the duplex Fe–10Al–29Mn–0.4C alloy [187]. It is explained that the
higher Al concentration of the duplex alloy enables a more effective Al2O3 layer to
develop more rapidly. The small addition of elements Cr and Ni are found to further
improve the oxidation resistance and corrosion resistance of Fe–Al–Mn–C alloys.

6.8.7 Corrosion Resistance

The Fe–Al–Mn–C alloys are anticipated to possess good corrosion resistance in both
aqueous and gaseous environments, which are expected to derive from the high Al
content. Al is expected to increase the corrosion resistance of the Fe–Mn–Al–C
steels as Al with a high passivity coefficient forms a stable Al2O3 film, increases
the corrosion potential (Ecorr) and decreases the corrosion current density (icorr).
The effects of Mn on corrosion resistance are contrary to that of Al. However,
the corrosion resistance of Fe–Mn–Al–C alloys in aqueous environments (3.5%
sodium chloride, acetic acid, ammonia, and sodium sulphide solutions) is far inferior
to that of 304 stainless steel [188–191, 194] and is comparable to that of the
conventional steels [20]. Many researchers tried to improve the corrosion resistance
of the austenitic Fe–Mn–Al–C alloys by adding Cr and decreasing C [190, 191].
However, since Cr and C are ferrite and austenite formers, respectively, Fe–Mn–Al–
Cr–C alloys with higher Cr and lower C are dual-phase (austenite + ferrite) steels
and their mechanical properties are far inferior to those of the austenitic steels [191,
192]. The corrosion resistance of the duplex Fe–Mn–Al–C alloys is worse than that
of the austenitic Fe–Mn–Al–C alloys because in the duplex Fe–Mn–Al–C alloys
pitting is the primary type of corrosion, and it takes place preferentially within the
α grains and on the α/γ grain boundaries [193]. In order to obtain a fully austenitic
structure, a proper combination of Cr and C contents is needed. The stress corrosion
cracking behaviour of Fe–Mn–Al–C alloys is not improved due to the addition of
Al, which is expected to provide active protective function [193, 194].
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6.8.8 Wear Resistance

The abrasive wear resistance of Fe–Mn–Al–C steels is generally lower than that of
M2 and AISI 304 stainless steels [195–197] and that of the Hadfield steel [198].
Several important results have been concluded [196]:

1. The nature of κ-carbides affects the abrasive wear resistance, coarsened grain
boundary κ*-carbides (in overaged conditions) promoting excessive brittleness
and reducing the wear resistance, fine-sized intergranular κ′ carbides (in under
aged conditions) acting as obstacles for the grooving abrasives and leading to an
increase in the wear resistance [197]

2. An increase in aluminium content reduces the wear resistance
3. An increase in carbon content increases the wear resistance
4. The wear resistance of austenitic steels increases as the SFE of steels is increased

[198]
5. There is no clear correlation between the wear resistance and the initial or worn

hardness of the steels

The cavitation wear resistance of Fe–Mn–Al–C steels in the solution-treated
state was shown to be higher than that of AISI 304 stainless steel [199]. Aging
treatment does not improve the resistance to cavitation. The alloys with higher
carbon and aluminium content showed the best resistance to cavitation. The erosion
wear resistance of Fe–Mn–Al–C steels is generally lower than that of the AISI 316
stainless steel. The erosion wear resistance of Fe–Mn–Al–C steels increases as the
Mn and Al contents are increased due to the high solid solution strengthening [200].

In summary, the understanding of the wear behaviour of Fe–Mn–Al–C steels
is a growing research topic, and there are several phenomena that are not fully
understood as such, for instance the role of the SFE or the role of aging treatment
on the wear resistance. The effect of microstructure on the different types of wear
response is still unclear.

6.9 Physical Properties of Fe–Mn–Al–C Low-Density Steels

6.9.1 Density

Weight reduction is the main driving force for developing Fe–Mn–Al–C steels for
automotive applications. Alloying elements with a lower density than Fe (7.8 g/cm3)
such as Al (2.7 g/cm3), Si (2.3 g/cm3), Mn (7.21 g/cm3) and Cr (7.19 g/cm3) are
often added to Fe–C steels to reduce the density as well as to control the phase
constitution. The lower density results from the fact that these light elements change
the lattice parameter of steels and at the same time reduce density by virtue of their
low atomic masses [131, 135, 201]. For example, an addition of 12% aluminium
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Fig. 6.30 Effect of alloy elements on the physical properties of iron; (a) density reduction of
austenitic iron by elements lighter than Fe [131, 202]; (b) the reduction of Young’s modulus of
Fe–Al steels in the annealed state as a function of Al content [131, 203]

will reduce the density of iron by 17% of which lattice dilatation contributes 10%
and atomic mass reduction contributes an additional 7%.

Figure 6.30a shows the effects of alloying elements on density reduction in
austenitic steels up to a maximum of 16% alloy content. The data for Al were
obtained directly from the literature [131], while those for other elements were
calculated using different formulae derived by Bohnenkamp and Sandström [202].
The density of steel decreases linearly with increasing addition of the elements Al,
C, Si and Mn. Considering its strong effect on density reduction and the engineering
aspects such as alloy making and workability, Al has emerged as the chief alloying
element in low-density bulk steels. Sometimes, Si is added in combination with Al.

Austenitic steels have higher density (8.15 g/cm3 for γ-Fe vs. 7.87 g/cm3 for
α-Fe) and lower elastic modulus (than ferritic steels 195 GPa vs. 207 GPa). The
increase in the Al content and the ferrite fraction will decrease the mass density
due to the smaller atomic weight of Al compared to Fe and the difference in atomic
density between the austenite (FCC) and ferrite (BCC) structures in steels [131,
135, 201]. The overall density reduction of the coexisting austenitic and ferritic
Fe(Mn, Al) solid solutions was analysed based upon the combined effect of the
lattice dilatation and the average molar mass of the alloys. By a linear combination
of the influences from each element, the density (ρ) of Fe–Al ferritic steels and
Fe–Mn–Al–C austenitic alloys can be expressed respectively as [12, 131]:

ρferritic

(
g/cm3

)
= 7.874 − 0.098 (wt%Al) (6.3)

ρaustenitic

(
g/cm3

)
= 8.15 − 0.101 (wt%Al) − 0.41 (wt%C) − 0.0085 (wt%Mn)

(6.4)
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The effectiveness of Al in density reduction is almost the same in both the ferritic
and austenitic alloys since the coefficients for Al in Eqs. (6.3) and (6.4) are nearly
identical (0.098 vs. 0.101). This indicates 1.3% reduction in density per 1% Al
addition. The addition of C is very effective in density reduction for austenitic low-
density steels. The effectiveness of C is about four times higher than that of Al.

6.9.2 Young’s Modulus

An increase in the Young’s modulus (E modulus) improves the stiffness of structural
parts, e.g. the body-in-white (BIW) in automobiles. One of the critical disadvantages
of low-density steels is that the addition of Al decreases the Young’s modulus.
The elastic moduli of polycrystalline Fe–Al alloys in the annealed state at room
temperature are shown in Fig. 6.30b as a function of the Al content [131, 203]. The
collected data of the Young’s modulus were measured with dynamic measurements
such as the resonance method or the ultrasonic method, which are more precise than
those determined in quasistatic tensile tests. A 2.0–2.5% reduction in the Young’s
modulus per 1% Al addition is observed. The decrease of the Young’s modulus
with increasing the Al content is caused by a reduction of lattice energy of the Fe–
Al solid solution and the larger distance between coexisting Fe and Al atoms in the
lattice [135]. Silicon and chromium are reported to slightly increase the E modulus
of steels containing high amounts of Al while Mn slightly decreases it [204].

Young’s moduli of Fe–Mn–Al–C steels also depend on the processing condition
[20, 104] as shown in Fig. 6.31. A relatively low E modulus is observed in the as-
cast state, and it is increased by hot rolling. After cold rolling and annealing, the
E modulus is slightly decreased again from the as-hot rolled value. The Young’s
modulus in the as-cast condition is lower due to the casting defects such as

Fig. 6.31 Young’s moduli of
Fe–(15–28)Mn–(7–10)Al–
(0.7-1.2)C steels after
different processing steps
(solid lines) [20] and in the
as-cast state of
Fe–(5–40)Mn–10Al–1C
steels (dashed band) [104].
The E moduli were measured
using the resonance method
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shrinkage cavities and segregations among dendritic arms. The presence of the
microcavities decreases the Young’s modulus of a material [205]. The addition of
Al widens the composition range and temperature range of the primary δ-phase
during solidification, which promotes the formation of cavities. The high amount of
Al makes the steel-making complicated, and the defects in the cast structures also
depend on the atmosphere used in the melting and the dimension of the ingots [206,
207]. This may explain the large difference in the measured Young’s modulus in
the as-cast condition between the two steels from different sources [20, 104]. The
Young’s modulus in the hot-rolled condition is higher because the microcavities are
reduced during reheating and hot rolling. Cold deformation does have a reducing
influence on the Young’s modulus [208, 209]. Annealing may change the texture,
which also influences the E modulus [210]. Compared with the HSLA grades
(E ~ 210 GPa), decrease of around 20% in the Young’s modulus is observed for
cold-rolled strips of Fe–20Mn–(7–10)Al–(0.7–1.2)C steels.

As mentioned earlier, the weight saving potential of a low-density steel in
structural applications depends on both the Young’s modulus and density. For such
purposes, materials with the highest ‘specific stiffness’, En/ρ, should be considered,
where E is the Young’s modulus, ρ is the density and n is a part dependent index.
Depending on the shape of a structural part, the index varies: n = 1 for a tie, n = 1/2
for a beam and n = 1/3 for a panel. A comparison of the specific stiffness of a HSLA
steel, a Fe–8Al ferritic steel [131], a Fe–22Mn–8Al–0.8C [20] austenitic steel and a
typical 6xxx series aluminium alloy is shown in Fig. 6.32. It clearly shows that the
specific stiffness of the low-density steels is not higher than that of HSLA steels and
aluminium alloys. Therefore, to save weight, low-density steels have to be used for
parts which are not strictly limited by the value of stiffness.

6.10 Challenges in Scalability of Low-Density Steels

All the properties presented and discussed in the previous sections were obtained
from small-scale laboratory experiments. The next logical step should consist
essentially in elaborating on the efforts to scale-up these steels from the laboratory
to industrial manufacturing. From the technological point of view, processing of
these steels on a large scale remains a great challenge. High Mn-TWIP steels are
still not widely used in automotive applications. The production of these alloys is
very difficult owing to their very high Mn content and its associated vapour pressure
which makes the liquid metal processing very challenging. This will be also true for
Fe–Mn–Al–C light-weight steels.

As illustrated in Fig. 6.33, many new problems (given in boxes) arise in
steelmaking and in upstream and downstream processing due to the high amount
of Al addition in Fe–Mn–Al–C steels [20, 21, 102, 206, 211, 212], although it
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Fig. 6.33 Schematic illustration of the problems for industrial production of low-density steels
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is reported that solidification cracking resistance of Fe–18Mn–0.6C alloys can be
improved by the addition of Al [213]. Aluminium is well known as a deoxidiser in
steel production. However, when a high amount of Al is used as an alloying element,
it becomes a sign of low-quality steel in steelmaking practice. Intensive chemical
reactions can occur between the melt and the refractory materials, casting powders
and covering materials, which can result in deviation from the aimed chemical
compositions. The formation of alumina in the liquid state can lead to clogging
of the nozzles during continuous casting. Heavy and dense Al oxides can form
on the surfaces during the strip casting stage as a result of the chemical reactions
between the as-cast strip and the atmosphere. A very adherent and chemically stable
layer of (Al,Mn,Fe)-oxides can be formed during the hot working stage, which
is very difficult to eliminate. Surface defects, decarburisation, brittle phases and
even cracks can occur during the downstream processing of these higher Al-alloyed
compositions. Cracking can occur during hot forming as a result of the reduced
solidus temperatures caused by heavy segregation of elements and their lower
thermal conductivity. Cracking can occur during cold forming due to the presence
of the grain boundary oxides, α-phase and/or κ-carbides as well the disorder to order
transition. All these aspects indicate that the current processing routes for producing
the conventional automotive steels could not be applied to produce Fe–Mn–Al–C
steels without additional processing difficulties.

As a first-generation advanced high-strength steel, the DP1000 steel can be
produced in the current available production lines as cold-rolled products providing
typical tensile properties of UTS = 1000 MPa and TE = 13%. Stainless steels
based on Cr and Ni–Cr alloying have been under development for many decades
and offer very desirable combinations of properties and fabricability. The austenitic
Cr–Ni stainless steels have good strength, ductility and toughness from cryogenic
to elevated temperatures and have adequate weldability and machinability, superior
formability and excellent oxidation and corrosion resistance. However, Cr–Ni
stainless steels are used as special purposes due to the high costs of alloying
elements and melting and processing. Where do Fe–Mn–Al–C alloys stand? The
factors deciding if the Fe–Mn–Al–C light-weight steels can have a market niche
include properties and processability. In Table 6.3, these factors of the Fe–Mn–
Al–C steels, the high Mn-TWIP steels and the 304 stainless steel are scored to
compare with DP1000 steel, which is used as a base line. The factor of the reference
steel is defined as ‘0’. A higher positive score indicates more advantage or easier
productivity. A higher negative score indicates less advantage or less productivity.
As can be seen, the Fe–Mn–Al–C alloys show promise as lighter and stronger
oxidation-resistance alloys of lower cost. However, the advantage of low density
has not yet compensated for the existing disadvantages of producing Fe–Mn–Al–C
steels on an industrial scale for automotive applications.
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Table 6.3 Comparison of Fe–Mn–Al–C steels vs. DP1000 steel and Fe–Cr–Ni stainless steel

Process/property DP1000 Fe–Cr–-Ni Mn–TWIP Fe–Mn–Al–C

Melting and liquid processing 0 −1 −1 −3
Casting 0 −1 −1 −3
Hot rolling 0 −2 −2 −3
Cold rolling 0 −1 −1 −2
Coating 0 +4 −2 −3
Welding 0 0 −2 −2
Room temperature

Strength 0 +1 +1 +1
Ductility 0 +1 +2 +2
Toughness 0 +1 −1 −1
Fatigue 0 +1 −1 −1

Cryogenic temperature
Strength 0 +1 +1 +2
Ductility 0 +1 +1 +1
Toughness 0 +1 −1 −1

Elevated temperature
Strength 0 +2 +1 +1
Ductility 0 +2 +1 +1

Formability 0 −1 −2 −3
Oxidation resistance 0 +2 0 +2
Corrosion resistance 0 +1 0 0
Density 0 0 0 +4
Alloy cost 0 −4 −1 −2

0 baseline as reference; + better than baseline; − worse than baseline

6.11 Summary

Aluminium is a main alloying element in Fe–Mn–Al–C steels for low-density
purposes. The addition of 1% Al leads to 1.3% reduction in density, which is an
advantage, and at the same time brings 2% reduction in Young’s modulus, which
is a disadvantage. The weight-saving potential can be balanced by the loss of the
stiffness to some extent due to the reduced Young’s modulus.

The addition of Al to steels enlarges the δ-phase area, widens the temperature
range and composition range of the primary δ-phase and liquid phase area, creating a
new phase κ. As such the physical metallurgy of the Fe–Mn–Al–C system is largely
different from that of conventional steels.

The Fe–Mn–Al–C low-density alloys can produce a variety of microstructures
and achieve a very wide range of mechanical properties. The most important
group of steels in this category are the Fe–Mn–Al–C austenitic steels, which
include precipitation-hardenable (γ + κ) and non-precipitation-hardenable steels
(γ), followed by the ferrite-based Fe–Mn–Al–C duplex steels (δ + γ), the austenite-
based Fe–Mn–Al–C duplex or triplex steels (γ + δ or γ + δ + κ), and the Fe–Al
ferritic steels.
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The tensile properties (product of UTS x TE) of Fe–Mn–Al–C steels have been
well established. The austenite-based low-density steels can be placed in the space
provided for the second-generation AHSS in the traditional strength vs. elongation
property map, very often quite similar to those of Mn-TRIP and Mn-TWIP steels.
The ferrite-based duplex low-density steels can be located at the upper bound of
the first-generation AHSS in the property map while the ferritic Fe–Al steels show
behaviours typical of HSLA steels of 400–500 MPa strength level. Thus, there are
no significant gains in the combination of strength and ductility when a high amount
of Al is added to steels within the corresponding groups.

In ferritic Fe–Al steels, the microstructure is a single δ-phase; the solid solution
strengthening by Al is the major strengthening mechanism. To impart a lower
density, high Al concentration is required. As Al is increased, the strength increases
and density decreases. When the Al content is increased to more than 7%, the alloys
suffer from serious embrittlement due to the BCC_A2 to K1 or BCC_B2 or DO3
transition, which leads to poor workability and limited formability. Also, coarse
grains and a strong cube texture formed in the strips may create hot shortness, cold
rolling cracks, high plastic anisotropy and ridging. As the grain size of the δ-phase
cannot be effectively controlled during hot rolling process, Fe–Al steels can only
be produced as cold-rolled products. The cold rolling and annealing operations are
necessary steps to modify the grain structure, grain size and the texture. Grain size
control through the addition of small amounts of the microalloying elements, Ti, Nb
or V, can only give limited increase in strength. Considering the low strength level,
low formability and low weight-saving potential, the application prospects of this
kind of steels for automotive parts are limited.

In austenitic Fe–Mn–Al–C steels, the microstructure in solution-treated con-
dition is a single γ-phase, with some SRO or nanosized κ′-carbides uniformly
distributed in the matrix, depending on the composition and the cooling rate
after solution treatment. Solid solution hardening, grain size refinement, κ′-carbide
precipitation and strain hardening are the possible strength mechanisms in these
steels.

Strain hardening is a very important strengthening mechanism in austenite-based
Fe–Mn–Al–C alloys. Aluminium brings two main effects in the solution-treated
austenitic steels: increasing the SFE, producing short-range orders (SRO) or κ′-
carbides. It can be generalised that dislocation planar gliding is a dominant
deformation mechanism in austenitic Fe–Mn–Al–C alloys regardless of the SFE
and aging conditions. In austenitic Fe–Mn–Al–C steels with a lower Al content,
TWIP is still an active deformation mechanism in addition to the dislocation planar
glide. Thus, strain-hardening behaviour very similar to high Mn-TWIP steels can be
obtained. When an increasing amount of Al is added, the TWIP effect is suppressed
due to the increase in the SFE. The existence of SRO or nanosized κ′-carbides and
its interaction with dislocations play an important role on the planar glide mode
of deformation of the high Al austenitic steels. Thus, the high solute elements
contribute to the deformation gliding and the high SFE supresses the TWIP effect.
New deformation mechanisms such as the microband-induced plasticity (MBIP),
the dynamic slip band refinement (DSBR) and the shear-band-induced plasticity
(SIP) have been invoked to describe plastic deformation of Fe–Mn–Al–C austenitic
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steels with a high SFE. Work hardening through these mechanisms contributes to
the exceptionally high ductility of these alloys, sometimes to the tune of about
100% total elongation. The above deformation and strengthening mechanisms are
effective in case of the austenite-based duplex Fe–Mn–Al–C alloys also. These
new mechanisms can successfully explain the strain hardening behaviour in the
austenitic steels in the solution-treated state and under-aged state. However, they
cannot completely explain the negative work hardening rate in the alloys bearing
higher Al and/or in peak aged condition, where the engineering stress-strain curve
is almost horizontal or shows a downward trend after initial yielding. Therefore,
more investigations are needed on this aspect.

A very significant strengthening mechanism in austenitic low-density alloys
is the precipitation hardening provided by the uniform distribution of SRO or
nanosized κ′-precipitates. It appears that Al > 7% and C > 0.7% are necessary
to form intragranular κ′-precipitates in austenitic Fe–Mn–Al–C alloys. However,
when Al is higher than 10%, δ-ferrite is introduced. Therefore, the effective
Al composition for austenitic Fe–Mn–Al–C alloys for the best combination of
mechanical properties is quite narrow and limited between 7% and 10%. Typical
compositions for austenitic low-density steels should be in the range of 15–30%
Mn, 7–10% Al and 0.7–1.2% C, with the balance being Fe. Aging below 650 ◦C
causes κ′-carbide precipitates in a homogeneous fashion throughout austenite, and
overaging produces heterogeneous grain boundary phases deleterious to mechanical
properties. Another form of precipitation may occur by way of formation of α-ferrite
by transformation from the γ matrix. These α-ferrite particles may transform into the
B2 or DO3 intermetallic phases, leading to significant strengthening. The strategy
to be adopted to produce nanosized B2 precipitates is not yet very clear in contrast
to that for κ-carbides. Strengthening in the non-precipitation hardenable austenitic
Fe–Mn–Al–C alloys can be effected through solid solution hardening and by grain
refinement through cold rolling and annealing.

In austenite-based duplex low-density steels, small amount of δ-ferrite is present
as elongated bands covering many austenite grains in the hot-rolled state and
transforms to the brittle ordered B2 or DO3 phase in the final microstructure as
a result of the high Al content in the δ-ferrite. The ductility and toughness are
significantly reduced although the strength is not affected.

Ferrite-based duplex low-density steels have a mixture of δ + γ microstructure
in the hot-rolled condition but develop a complex mixture from δ + γ + M + B
phases after cold rolling and annealing, depending on the alloy composition and the
annealing parameters. This type of steel usually shows a bimodal microstructure,
consisting of clustered austenite or martensite particles in a coarse-grained δ-ferrite
matrix and provides many microstructural variants so that plastic deformation of
the δ-matrix and the TRIP and/or TWIP effect of the austenite can be combined to
achieve a super combination of strength and ductility.

As the Fe–Mn–Al–C low-density steels are primarily meant for automotive
structural applications, properties such as impact toughness, fatigue, formability,
weldability and coatability are important and must be looked into and evaluated.

The impact toughness of the austenitic low-density steels in the solution-treated
and quenched-state is better than that of the conventional AHSS but is lower than
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that of the austenite stainless steels. However, the impact toughness of austenitic
low-density steels is greatly reduced in the aged hardening conditions and also
significantly influenced by the cooling rate after solution treatment.

The specific energy absorption of austenite-based low-density steels during high
strain rate tests is equivalent to that of high Mn-TWIP steels and is higher than
that of the conventional high-strength steels. Excellent high strain rate deformation
behaviour in addition to the low density makes this alloy family an interesting
candidate possibly for armour components.

The S-N fatigue behaviour of Fe–Mn–Al–C steels in the solution treated and
quenched state is better than that of the austenite stainless steels at room temperature
and at elevated temperatures. The fatigue growth rate da/dN is sensitive to the nature
of the κ′-carbides. Therefore, it will be premature to compare the formability of Fe–
Mn–Al–C steels vis-à-vis existing AHSS of comparable strength.

The strain-hardening rate of austenitic Fe–Mn–Al–C steels is not better than
that of high Mn-TWIP steels, which indicates a worse sheet-forming capacity. The
hole expansion ratio of the austenite-based duplex low-density steels is comparable
with that of DP600 steels. The bending angle and the dome expansion are lower
compared with those of the AHSS of similar strength level. No formability tests
have been reported on the austenitic steels and on the ferrite-based duplex steels.

The oxidation resistance of the low-density steels at elevated temperature is
increased due to the formation of Al2O3 films. However, the corrosion resistance of
the Fe–Mn–Al–C alloys does not show any significant improvement due to addition
of Al, which is expected to provide an active protective function. Therefore, coating
of these steels is very much needed for use as automotive parts. The Fe–Mn–Al–C
alloys are susceptible to stress corrosion cracking and hydrogen embrittlement.

6.12 Future Developments

Future work on low-density steels should be carried out on two fronts. On the
research front, more work is needed in the gap areas of the physical metallurgy of the
Fe–Mn–Al–C steels, areas such as mechanisms of deformation and annealing, and
the effect of microstructures on the formability, coatability and weldability in Fe–
Mn–C–Al alloy systems. On the technology front, new and innovative processing
and manufacturing techniques must be developed.

The following points may be mentioned as areas where attention in future is
needed:

• For making use of κ′-carbide precipitation, it is critical to control the nature of κ-
carbide precipitation. Solution treatment, fast cooling and aging are need for this
purpose, which are not compatible with the conventional industrial installations
for automotive products.

• For making use of nanosized B2 and/or DO3 precipitates, the mechanisms and
conditions to control the formation of these precipitates are not clear. Measures
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to effectively utilise BCC_B2 and/or DO3 intermetallics as the second phases
should be explored.

For making use of grain refinement and TWIP effects, a combined process
of cold deformation and recovery or recrystallisation processing needs to be
explored to adhere to the industrial conditions.

• For duplex low-density steels, the laminae of the δ grain structures, the amount of
the austenite phase and the stability of the retained austenite should be controlled
through alloy design or process for utilising the TWIP or TRIP options to the
fullest possible extent.

• Intensive application tests, such as formability, fatigue, coatability and weldabil-
ity, are needed to understand the relationship between the application properties
and the governing microstructural parameters and provide proper justification for
the use as automotive parts.

• Investigations on processing problems during steel making, hot rolling and
pickling should be conducted to look for proper processing parameters in
industrial production lines.

• The alloying and process strategies to improve the Young’s modulus of low-
density steels should be explored.

• New processing routes have to be explored to overcome the problems that can
occur in processing the low-density steels in the thermomechanical treatment
lines at present used for producing conventional steels. Thin strip casting and 3D
printing could be two promising new technologies for producing new Fe–Mn–
Al–C steels.
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Abbreviations and Symbols

Ar Argon
B Bulk modulus
E Young’s modulus
E/ρ Specific modulus
G Shear modulus
HIP Hot isostatic pressed
HMS High-modulus steels
LMD Laser metal deposition
ODS Oxide dispersion strengthened steels
PCD Polycrystalline diamond
PM Powder metallurgy
SiC Silicon carbide
TE Total elongation
TiB2 Titanium diboride
TiC Titanium carbide
TMT Thermo-mechanical treatments
wt.% Weight percent
YS Yield strength
YS/ρ Specific yield strength
θ Contact angle
ρ Mass density/density
σ Surface energy
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7.1 Motivation and Approach

Saving weight in engineering constructions allows reduction of inertia of accel-
erated components, thus decreasing their energy consumption and improving per-
formance. Bridges may span farther distances, trains and aeroplanes can transport
heavier payloads, machines and robots are able to move quicker and weight-
reduced body constructions can compensate for the yet heavy battery packs of
electric cars. Lightweight design is, therefore, a critical technological frontier, and
a strong driving force for the structural materials for engineering constructions.
Despite the recent advances in the development of polymers, metals remain the
backbone of structural applications due to their wide range of properties, which
can be achieved at comparatively low cost, as well as their excellent suitability for
recycling. As illustrated throughout this book, steels are especially attractive, as they
are non-toxic, require relatively little energy to be produced, and can utilise multiple
equilibrium and non-equilibrium phase transformations and an extensive solubility
for alloying elements. These result in a vast range of various attractive properties at
low costs, rendering steels as the predominant structural materials of today [1–3].

With regards to lightweight design, the most obvious approach relies on increas-
ing the strength of steels, thus enabling thinner parts to carry the equivalent
mechanical load. Most important is the yield strength (YS), as the majority of parts
for engineering constructions are supposed to transfer mechanical forces without
permanent deformation. However, strength needs to be balanced with ductility,
indicated by the total elongation (TE) and toughness: The material’s ability to
undergo plastic deformation beyond the elastic regime is required for forming the
desired parts and acts as a safety margin in a crash situation. In order to overcome
this trade-off, tremendous advances have been realised by carefully fine-tuning steel
microstructures and the associated deformation mechanisms (Fig. 7.1a). However,
the greatest shortcoming of steels in competition with other metallic materials for
lightweight design is its comparatively high density (ρ). While it can be partly
compensated for by higher strength, only few designated concepts such as maraging
steels can match the specific yield strength (YS/ρ) of Al and Ti alloys [1]. As
described in a Chap. 6 of this book, most promising are the recently developed low-
density steels as pioneered by Frommeyer et al. [4], which are based on significant
density-reduction through additions of up to 12 wt.% Al (Fig. 7.1b).

However, focussing exclusively on the improvement of strength, ductility and
density, neglects the stiffness of materials, expressed by their Young’s modulus
(E): Most parts of engineering constructions interact with others, such as the gear
teeth in a transmission or parts in a suspension system, and they consequently rely
on distinct shapes and tolerances. Even though they may not plastically deform
when designed correctly, the respective parts will still deform elastically under load,
affecting their performance during interaction. Stiffness is also the only material
(and not geometrical) property relevant for the stability of a part, and thus critical
for the resistance against buckling or bending, for example of a bridge beam or an
aeroplane wing. Furthermore, a high stiffness translates into an elevated natural or

http://dx.doi.org/10.1007/978-3-030-53825-5_6
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Fig. 7.1 Materials property
maps of illustrating the key
factors for lightweight design:
(a) Areas of YS vs. TE for
different material systems.
(b) YS per ρ vs. TE of highest
performing alloys. (c) Unique
performance of HMS over
conventional structural
materials. The images are
with permission based on
previously published work
[68]
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eigen-frequency, relevant for avoiding resonance-related phenomena. However, this
most critical material property has been for a long time overlooked or simply taken
as a given intrinsic property. Interestingly, the “heavy” steels are favourable again
in this view, as their elevated density (ρFe = 7.85 g cm−3) is compensated by their
relatively high stiffness (EFe ~ 208 GPa).

High-modulus steels (HMS) address all those key criteria for superior perfor-
mance in weight-critical applications (Fig. 7.1c). This new class of high perfor-
mance ferrous alloys is created by blending low-density and stiff particles into
strong, tough and ductile steel matrices, resulting in composite steels. However,
aiming to improve the physical properties (E, ρ) without sacrificing the mechanical
properties – especially ductility – adds substantial complexity to the already
challenging material design process. Especially important is the integration of the
synthesis and processing techniques into the alloy development. In order to establish
HMS as commercially successful products, which does not allow for disregarding
the associated costs, a comprehensive approach to design these novel steels is
required. Consequently, this chapter covers the underlying aspects of physical
metallurgy and derived strategies for alloy and process design of HMS. Based
on these fundamental aspects, the current state of the art of HMS development
is described, culminating in an outlook on critical challenges as well as future
perspectives and opportunities.

HMS open new dimensions for structural material design, and their development
has only just begun to receive significant attention in the last two decades.
Accordingly, the associated terminology has not yet been universally standardised,
but the authors believe that “high modulus steels” as coined by Tanaka et al. [5],
highlights the most important aspect – an increase in specific stiffness – and is
therefore an appropriate nomenclature.

7.2 Physical Metallurgy

As shown in Fig. 7.2a, Fe exhibits with about 26 GPa cm3 g−1 a similar specific
modulus (E/ρ ratio) as all other widely used metals, from Mg, Al and Ti to Ni
and even W. The same trend applies to derived structural materials (e.g. Fe-based
steels vs. Al or Ti alloys), as the effects of alloying elements and microstructure are
limited. In order to achieve a substantial increase in the specific modulus, steels have
to be blended with compounds of increased stiffness and lower density. However, the
scope of HMS is wider than one specific alloy concept, but instead has the potential
to form the basis for a new class of steels: Decreasing the mass of parts by raising
the specific modulus is of interest across the whole range of steel applications,
e.g. from high-strength to stainless and hard tool steels. The differing requirements
determine the optimum matrix microstructure as well as the suitable particle phase,
morphology and size, to name but a few. In this context it will become clear that
matrix, particles and their mechanical interaction and synthesis technique are all
closely interlinked. Depending on the targeted application, a balance must be struck
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Fig. 7.2 (a) Young’s modulus and density of metallic elements [1], and (b) literature data for
the effect of alloying additions on the stiffness of Fe. The images are with permission based on
previously published work [1, 86]

between mechanical, chemical and physical properties, as well as the feasibility and
associated costs to synthesise the desired composite. The aim is to provide in this
section the metallurgical basis for deriving the necessary guidelines and strategies
for alloy and processing design of HMS alloys.

7.2.1 Matrix

Throughout this book, it is shown how the vast range of mechanical properties that
steels are capable of can be realised with various microstructures, achievable by fine-
tuning the alloy composition and processing parameters. For HMS the “physical”
properties E and ρ need to be considered too, adding a new level of complexity.

The density of metals relies on their crystallographic lattice. Their stiffness is
additionally depending on the electronic configuration, affecting the inter-atomic
bonding strength [6]. Hence, ferrite exhibits higher stiffness than austenite despite
being less closely packed. E values are, therefore, also orientation dependent,
with closely packed planes such as {111} yielding the highest stiffness values.
Steels are most commonly used as polycrystalline materials, unlike in special
applications such as single-crystalline turbine blades. Unless excessive texture
is present, E values are, therefore, quasi-isotropic. Lattice defects such as grain
boundaries, stacking faults or dislocations – induced for example by martensitic
transformation – disrupt the stacking of atoms and atomic planes, and consequently
lower E [7]. Decreasing ρ of steel is achievable by implementing substitutional
atoms of light elements such as Al or Si. The associated lattice distortion (as
atoms of these elements are of different size than Fe atoms) typically lowers the
density even further, but this crystallographic defect also decreases the stiffness
[7, 8]. Furthermore, in order to overcome embrittlement induced by ordering and
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intermetallic phases observed for Al- and Si-containing steels, large quantities of
austenite-stabilising elements such as Mn need to be added [9]. Together, these
phenomena can severely limit the weight saving potential of low density steels, of
course depending on the chosen application: While ρ values of less than 6.8 g cm−3

can be achieved, the parallel drop in E to about 170 GPa renders the specific
modulus – as an indicator for the lightweight performance – virtually unaffected
[10]. Certain elements like Cr, Co or Re raise E of steel [8] due to electronic effects
without increasing the density unduly, but in most cases only to a limited extent as,
for example, of about 0.5 GPa/wt.% in case of Cr (Fig. 7.2b).

It becomes clear that the alloying elements and crystallographic defects chosen
for the constitution and phase balance, and thus the desired mechanical properties
of the matrix, can be expected to have a strong – and mostly detrimental – effect
on the physical properties they need to be balanced with. Furthermore, the matrix
must be able to curtail the embrittling effect of the stiff and hard particles embedded
into it, which act as stress and strain concentrators. From a physical metallurgy
standpoint, the optimal matrix for a maximised E/ρ ratio should have a ferritic,
Cr- and or Co-containing microstructure, with large grains free of defects, and little
texture. The defects are necessary though to achieve sufficient strength, and the most
suitable pathway (e.g. precipitations, martensite, or reduction in grain size) needs
to be chosen carefully with respect to the targeted application. If possible, localised
treatments such as surface hardening are preferable to those affecting the entire bulk
of the material. Balancing the effects of elevated strength is even more complex as,
for example, inherently ductile austenite (especially if obtained through effective but
comparatively heavy Ni) decreases the stiffness of the matrix (Fig. 7.2b). As with
other high-performance steels, multiphase microstructures appear as a promising
pathway, but their realisation within the composite material can be become even
more complex to achieve.

7.2.2 Particles

Key factor for HMS is the improvement of the specific modulus which is based on
composite structures containing stiffer constituents of lower density. As they exceed
the role of reinforcements (i.e. improving more than the strength) and are typically
applied blended throughout the steel matrix as more or less equiaxed compounds of
μm size, we refer to them as particles throughout this chapter.

As a general rule, particle phases exhibit a lower density by being constituted of
elements lighter than steel, while an electronic structure that leads to predominantly
ionic and/or covalent bonding, which is much stronger than the metallic type,
ensures superior stiffness. Consequently, possible particle phases are numerous
and range from oxides to nitrides, carbides, borides to intermetallic phases. The
main criterion for the selection of particle phases is their efficiency, i.e. their E/ρ
ratio, as it determines the fraction of particles necessary for improving the specific
modulus of the composite. This is important, as such ceramics and metalloids are
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Fig. 7.3 Particle selection criteria: (a) The specific modulus E/ρ of most particle phases is higher
than those of metals (red line). (b) Particles with a B/G ratio above 1.75 are considered being more
ductile. The images are with permission based on previously published work [14, 15]

typically stiff and of low density, but also hard and brittle, and limiting their required
fraction is generally beneficial for the mechanical performance of HMS. Figure 7.3a
shows E and ρ values of various particle phases. Polycrystalline diamond (PCD), for
example, exhibits a superior E/ρ ratio of about 350 GPa cm3 g−1. The majority of
phases does not reach that extreme level, but even more commonly used and cost-
effective compounds such as SiC readily exceed the specific modulus of metals
(indicated by the red line) by several times. Their contribution to the E/ρ ratio
of the composite can be approximated with a simple rule of mixture [11], while
more complex considerations also factor in the particle’s morphology influencing
stiffness, i.e. from fibrous to ellipsoid to spherical particles [12, 13]. The particle
morphology can be estimated based on existing knowledge, for example, concerning
the typical shape in which carbides precipitate in steel microstructures, or even be
controlled beforehand if the particle phase is synthesised ex situ prior to be blended
into the matrix as detailed in Sect. 7.3 of this chapter.

While the plethora of particle phases can be narrowed down for their suitability
in HMS design based on their effectiveness on the specific modulus, additional
factors need to be considered. The elevated stiffness of particles typically trans-
lates into satisfactory hardness and strength, but their ductility and/or toughness
follows an inverse trend in a similar manner as with metals. The ratio between
bulk (B) and shear modulus (G) has been suggested as a suitable criterion (see
Fig. 7.3b), with values above 1.75 indicating potentially elevated ductility [14].
Recent investigations based on ab initio calculations are aimed at overcoming this
contradicting behaviour [15], and phases such as Mo2BC might become candidates
for developing future HMS concepts. Furthermore, the price of the constituting
elements of particles becomes more and more relevant with increasing particle
fraction and targeted production volume of a respective HMS concept. In this
light, phases such as Al2O3 appear especially interesting. However, following
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these isolated views on particles and matrices, it is just as important to consider
phenomena governing their interaction as a composite in order to derive meaningful
guidelines for alloy and processing design.

It should be noted that the literature information regarding the physical – let
alone mechanical – properties of particle phases is far from complete, which can be
expected in view of the multitude of oxides, carbides, borides, intermetallics, MAX
phases, etc. Even if available, E values for example are often extrapolated from
crystallographic parameters and theoretical predictions, leaving open a wide field
for experimental investigations, preferably with high-throughput techniques [16]. A
compilation of available data can be found in [17].

7.2.3 Particle-Matrix Interaction

As with all composite materials, the chosen constituents need to interact success-
fully in order to ensure the desired performance. Rooted in the differences between
metallic matrix and ceramic particles, several specific factors govern the respective
phenomena for HMS concepts. Due to the vast range of possible combination
depending on the respective requirements, they need to be carefully evaluated once
a combination of particle and matrix has been selected.

Differences in thermal expansion coefficients of particle and matrices lead
to localised stresses during any thermal cycle, e.g. during solidification, heat
treatments, welding or changes in operational temperature, which is mainly caused
by their different nature. Differences in their electro-chemical properties might lead
to localised corrosion taking place, as observed with changes in Cr content related
to carbide formation in stainless steels [18]. Similar considerations apply to other
properties affected by the constitution of the composite, such as conductivity for
heat and electricity, magnetism or others.

For lightweight design though, most critical is the interaction between matrix and
particles during mechanical deformation, both during the production and subsequent
application of parts. Linked to the respective bonding types and crystallographic
structure, their deformation mechanisms are different as well, rendering particles
strong and brittle, and the metallic matrix soft and ductile in comparison. However,
their interface determines whether both can be utilised to their full potential.
Ideally, the interface can transfer load up to the respective limits in strength or
ductility of the weakest partner, as any premature failure serves as an additional
stress concentration, and decreases the stiffness of the composite. The interface is
governed by multiple factors such as interfacial energy, lattice misfit and coherency
[6, 19]. It is therefore possible to pre-evaluate based on crystallographic information
of both components, but as discussed later due to the complexity in synthesis, the
actual interfacial quality of a HMS concept needs to be assessed experimentally.
Once the interface is sufficiently strong and ductile, the behaviour of the bulk
composite during deformation relies on fraction, size and especially morphology of
the particles. Small particles in the order of 50 nm are most effective as dislocation
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obstacles and thereby strengthening constituents, as smaller particles are readily
cut through whereas bigger particles become circumvented [20]. Larger particles,
on the other hand, can be advantageous from a tribological perspective, were
the depth of an abrasive attack should be smaller than the particles, important
when its wear resistance is a critical property of a HMS concept [21]. Dependent
on additional desired properties, the above-mentioned characteristics have to be
tailored individually. The desired morphology of particles depends on the loading
conditions the fabricated part is subjected to during its application. Sharp, stress
concentrating edges should be generally avoided, especially with oscillating load
(fatigue). Accordingly, the surrounding matrix should exhibit maximum toughness
to limit propagation of cracks. This is controlled mainly by its constitution (e.g.
austenite is typically more tough than ferrite) and grain size (i.e. a large density of
grain boundaries) and therefore contrary to the desired effect on the E/ρ ratio. If
the loading direction is well known and mostly constant, the performance of HMS
can be tuned accordingly, by creating elongated particles along the loading direction
until they reach an aspect ratio of whiskers or even fibres. However, such laminar
structures are difficult to produce in steel matrices, and materials with an isotropic
behaviour are better suited for established design and production techniques of
metallic parts [22].

In summary, in steel matrices most desirable are highly effective particles, con-
stituted of cost-effective elements and of spherical shape, exhibiting a sufficiently
strong and ductile interface with a surrounding matrix of maximum toughness.
For elevated strength and non-critical wear applications, a small particle size is
preferable, together with a matrix ensuring sufficient ductility for the targeted
application. These considerations represent the basis for the alloy and processing
design guidelines. The following section describes how the desired composite
structures of HMS concepts can be obtained.

7.3 Alloy Design

The design of metal-based composites is more complex than the design of polymer
based composites, where matrix and reinforcement can typically be chosen solely
based on their respective property profile. With carbon-fibre-reinforced polymers
for example, the adhesive matrix (e.g. polyurethane) can be readily blended with
carbon fibres via injection moulding or other fabrication techniques [23]. With
metallic materials, however, the associated temperatures during casting and heat
treatments are much higher (more than 1500 ◦C for steels opposed to less than
300 ◦C for polymers). Most importantly, the interfacial phenomena with the
ceramic particles are complex, and it is more challenging to achieve a suitable
composite structure with metals and, especially, steels than with polymers as a
matrix material. Consequently, designing HMS requires a broader view, taking
into account the physical metallurgy of matrix, particles and their mechanical
and chemical interactions. While this allows narrowing down the vast range of
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possible choices, it does not include the critical steps of synthesis and processing.
All these factors mutually influence each other and determine whether the desired
microstructure and, thus, property profile of a HMS concept can be achieved. Only a
comprehensive approach allows identifying the alloy composition together with the
suitable production technique and processing parameters. This section is therefore
concerned with outlining how the fundamental metallurgical considerations can
be turned into alloy design strategies, and how they can be implemented.

7.3.1 Strategy

Once a promising matrix and particle combination has been selected, the following
factors should be considered to validate whether they can be combined successfully
and transferred into a HMS.

1. Stability of Particles Within the Matrix

The thermodynamic stability of the particle phase within the chosen matrix
determines its tendency to decompose, transform or even dissolve during synthesis
and processing. Diamond, for example, exhibits outstanding physical properties
(E > 1000 GPa; ρ 3.51 g cm−3 [24]) but will dissolve rapidly in Fe-based matrices
even at only slightly elevated temperatures and is, therefore, extremely difficult
to utilise in HMS. Oxides such as Al2O3, on the other hand, are typically stable
even above the liquidus temperature of most steels. Stability in liquid steel is not a
requirement though, or even always beneficial as detailed further below. If a particle
phase is not stable down to room temperature, it should be possible to retain it
by rapid cooling (i.e. quenching). This metastability is relevant for intermetallic
phases, whose appearance typically relies on crystallographic ordering in a specific
composition and temperature range. It also applies to certain carbides such as
cementite (Fe3C) or low-alloy carbides (M7C3), which can be dissolved and precip-
itated again in a controlled manner with solid-state heat treatments [25]. However,
associated ripening and growth limits the applicable time/temperature parameter
window during synthesis and processing of HMS concepts with metastable particle
phases even further, more than with composites relying on particles stemming from
solidification, such as most boride-based HMS. In this context it should be noted
that the prediction of stability critically relies on the available thermodynamic data.
Especially for the most commonly researched borides, though, the validity of the
published databases is still limited. The recent interest in HMS and the growing
amount of research into high–modulus alloys – which venture into yet only sparsely
covered composition ranges of complex alloy systems – is promising to overcome
this limitation in the near future.

2. Bonding Between Particles and Matrix

A particle phase does not only require being stable in the chosen steel matrix,
it must also be possible to form a sufficiently strong and ductile interface with it.



7 High-Modulus Steels 301

Fig. 7.4 An example of
decohesion between particles
and matrix: Al2O3 particle in
a ferritic matrix after tensile
testing of the composite
structure. (Reproduced from
own work Ref. [74])
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Insufficient interfacial bonding between particle and matrix leads to decohesion
(Fig. 7.4), which negates the intended purpose of the composite structure. In
solid-state synthesis techniques such as sintering, this is more easily achieved
as the interfacial bonding is formed by interdiffusion processes once the thin
barrier layers on powder sphere surfaces (such as oxide layers) are broken down
with sufficient pressure, temperature and time. In liquid processing, however, the
interface formation is mainly controlled by wetting. The degree of wetting is
described by the interplay of surface energies (σ) [26], the contact angle (θ) and the
work of adhesion (wa) representing the adhesion strength [27]. Sufficient wetting is
typically described by θ values below 90◦ (Fig. 7.5a). While θ can be influenced
by processing conditions such as temperature or thin film coatings [28–32], the
general rule applies that particles with a stronger intramolecular bond interact less
intensive with a metallic liquid, decreasing their wettability [27]. This agrees well
with trends shown in Fig. 7.5b, where θ values of various particle phases with liquid
Fe (filled symbols) and Ni (empty symbols) in vacuum are plotted as a function
of their formation enthalpy. Particles of phases with a more covalent bond character
(e.g. carbides and borides) are wetted more easily than more stable ionic compounds
(such as oxides). Especially Ti- and Zr carbides, borides and nitrides combine
adequate stability with high wettability [27, 28, 33–36].

3. Particle Dispersion

Lastly, the performance of a HMS does not only depend on whether an individual
particle is stable and bonded to the matrix. In order to achieve a suitable isotropy
and favourable mechanical interaction during deformation, it is also important that a
multitude of them can be obtained in a sufficiently even dispersion in the composite
structure.

Solid-state synthesis such as sintering renders this to be more readily controllable
but requires respective efforts in preparation (i.e. powder mixing). Precipitation
reactions typically ensure a very even macroscopic, global dispersion of particles,
but the microstructural, local distribution can be disadvantageous. Particles precipi-
tating preferably on grain boundaries, for example, can lead to severe embrittlement,
and it can be difficult to alter their precipitation location. Liquid synthesis is
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Fig. 7.5 Wetting of particle phases by liquid metal: (a) equations (top) and schematic illustration
(bottom) of the contact angle (θ) between solid and liquid; here specific surface tensions (σ)
given for each interface: σsl solid-liquid, σsv solid-vapour, σlv liquid-vapour. By θ and the work
of adhesion (wa) the adhesion can be described. (b) Overview plot of the contact angle θ (y-axis)
of particles in vacuum or inert atmosphere as a function of the formation enthalpy �Gf (x-axis) in
Fe (filled symbols) and Ni (unfilled symbols) (Reproduced from own work Ref. [74])

typically faster and easier to perform from an engineering standpoint, but here the
particle dispersion is more complicated to control: Particles with a higher density
than the liquid or solidifying matrix will sink to the bottom whereas lower density
phases – most relevant for HMS design – float to the top. Primary TiB2 particles
(ρ 4.52 g cm−3), for example, readily agglomerate and even form a closed layer at
the top of a cast ingot once the solidification rate is below about 5 K s−1 [37]. It,
therefore, represents an interesting route to obtain self-assembling hard surfaces for
wear-resistant materials, which could be further amplified, for example, by casting
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assisted by centrifugal forces. Particles with an even more pronounced difference in
density to the matrix, such as many oxides or nitrides, can only be kept incorporated
when the turbulence of the melt is very high and the solidification accordingly fast;
otherwise they form a slag on top of the meltpool.

Thermo-mechanical treatments (TMT; e.g. hot rolling, forging or extrusion)
do not allow to fully remedy pronounced particle agglomerations but still can
be utilised to remove certain artefacts from the previous synthesis. Networks of
ledeburitic carbides or Fe2B, for example, can be effectively broken up and turned
into well dispersed elliptical particles by hot rolling [38]. The dispersion of TiB2 on
the other hand is very difficult to affect by TMT without inducing severe damage to
the brittle particles. Experimental investigations regarding the effect and extent of
TMT post-processing are, therefore, inevitable.

7.3.2 Implementation

The last step in the alloy design process is concerned with transferring the theoret-
ical considerations into bulk HMS materials. When evaluating suitable synthesis
techniques, it is necessary to consider whether it is desirable, and if so indeed
possible, to obtain the chosen phases during the composites synthesis (in situ), or
if the particles have to be created beforehand (ex situ) and subsequently blended
into the composite structure (non-reactive synthesis) (Fig. 7.6). In situ formation
requires that the respective alloy system (i.e. the sum of alloying elements required
for matrix and particles) allows that a homogenous melt or solid decomposes into
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Fig. 7.6 Schematic visualisation of synthesis routes for metal matrix composites
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the desired particles and matrix, for example, in a eutectic or eutectoid reaction.
It, therefore, relies strictly on suitable thermodynamic stabilities and formation
kinetics to achieve the targeted HMS structure. In turn, the interface formation
and bonding is usually not hindered by any barrier layers such as oxides or
hydrides. Furthermore, in situ synthesis typically eliminates the need for complex
pre-fabrication and mixing procedures as required for ex situ processes, which are
utilised, for example, in the production of oxide dispersion strengthened (ODS)
steels [19, 39].

Synthesis techniques are a key element in the design and development of HMS
as they determine whether the targeted in situ or ex situ approach can be followed.
Furthermore, their specific characteristics, for example, regarding peak temperature
or solidification kinetics, determine whether the desired HMS structure can be
achieved. The multitude of available techniques is typically grouped into solid- and
liquid-state processes (Fig. 7.6). However, this distinction is not always clear, as,
for example, solid particles can be injected into melts, or components mixed in
the solid state can be sintered in a partially liquid temperature regime. This holds
also true for the laser-powder-based processes used in additive manufacturing. In
the following we give a short overview of the most commonly applied techniques
for HMS production to this point with future developments and opportunities being
discussed in Sect. 7.5.

The most commonly used approach for producing metal-based composites,
and consequently the starting point for HMS development [40, 41], is utilising
solid-state powder metallurgy (PM). It is based on substantial experience with
the production of tool steels and ODS alloys [19, 42–44]. The constituents, i.e.
particles and matrix, are produced as powders (with various techniques), mixed
(with or without additional agents and/or mechanical milling) and pre-pressed.
These “green” raw samples are then subsequently consolidated into a composite
at elevated temperature by either sintering or hot isostatic pressed (HIP), which
remove remaining porosity and bond the powder particles via diffusion processes.
Afterwards a secondary processing step such as extrusion, rolling or forging is often
applied to achieve the final microstructure (Fig. 7.7). For HMS this established
approach has been followed to incorporate TiB2 into stainless steel [40, 45] or Fe-Cr
alloys [41, 46, 47] as well as in process variations such as self-propagating synthesis
utilising redox reactions between Al and TiO2 in both solid [48] and liquid state [38,
49]. These synthesis procedures following a PM route result in a complex chain of
productions with comparatively large efforts regarding machinery, time and quality
control steps: Obtaining powders with a small particle size, for example, requires
time-consuming ball milling. Consolidation via HIP relies on applying uniform
(isostatic) pressure by an inert gas, typically Ar, so the mixed powders have to be
filled into precisely manufactured containers. They are subsequently individually
evacuated and sealed by welding to prevent oxidation within the pressure chamber –
which is limited in size – where they are annealed for several hours, and need to be
removed by machining afterwards [19, 43]. As a consequence, PM HMS can be
designed with a high degree of freedom, especially regarding matrix and particle
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(1) Blending (2) Cold isostatic pressing (3) Degassing

Final HMS (5) Extrusion (4) Hot pressing

Fig. 7.7 Sketch of the typical powder metallurgy synthesis route: A complex sequence of
processing steps is required to obtain the desired particle distribution in HMS

combinations, but the large associated costs limit them to niche applications rather
than mass production.

Liquid metallurgical synthesis techniques therefore appear more appealing from
a production point of view, ideally if HMS production can be performed on existing,
industrially established machinery such as block or strip casting. Ex situ injection
techniques have not been found favourable, tough, as they still require prefabrication
of particles (with the drawbacks detailed above), and can be problematic to allow
for achieving a suitable particle dispersion (tendency for particle agglomeration
and floatation) and sufficient wetting. Therefore, most developmental work has
been performed on HMS systems which allow for in situ reactions (Fig. 7.6).
Especially the Fe–Ti–C [50–52] and Fe–Ti–B [37, 38, 47, 53–74] systems have
received considerable attention. They are eutectic systems, where TiC and TiB2 are
precipitated from a homogenous liquid, yielding a ferritic matrix. Challenges are
related to particles precipitating in the liquid already at elevated temperatures, as
they dramatically decrease the viscosity of the melt, rendering casting processes
difficult [51]. Furthermore, they are often causing a density-induced demixing,
especially as large-scale industrial casting processes solidify relatively slow. They
are therefore limiting the particle fraction – and thus the gain in the specific
modulus – below the eutectic concentration. This favours alloy systems where this
concentration is located at large fraction of particles, which should be as efficient as
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possible (maximum E/ρ ratio). These considerations, especially the superb physical
properties of TiB2 (E = 545GPa, ρ = 4.52 g cm−3) render Fe–TiB2 based alloys the
most prominent HMS concepts at the current stage.

At this point it should be pointed out that the relevance of experimental
investigations to evaluate the feasibility of a chosen HMS concept cannot be
understated. This is caused by the increased complexity of composite materials, for
example, regarding the lack of precise thermodynamic data and particle properties
as well as the difficulties in reliably predicting matrix/particle interactions. Basic
microstructure information, mechanical properties and density of bulk HMS can
be efficiently probed with high-throughput techniques, but stiffness measurements
are notoriously difficult to perform reliably and reproducibly. While a multitude
of techniques exist to measure bulk E values, extra care needs to be taken to pay
attention to their specific artefacts and to avoid possible uncertainties in derived
values [7].

7.4 Current State of the Art: Fe–TiB2-Based HMS

The basis for HMS development was laid in the 1970s when Fe-based boride
systems were researched mainly focussing on its application for wear-resistant
steels [53, 75, 76]. Around the year 2000 the first publications recognized their
potential for a new generation of structural materials for lightweight design [40,
46]. Following the alloy design strategy outlined above, especially the Fe–Ti–B
system has since been then the subject of intense research due to the outstanding
effectiveness of TiB2 and the possibility of in situ liquid metallurgy synthesis,
and respective HMS concepts have started to spark industrial interest [57, 58, 77].
In the following we present an overview of the current understanding regarding
fundamental aspects of the ternary Fe–Ti–B system, recent efforts in preparing
them for industrial production and technical applications as well as first insights
into alloying and processing strategies to improve the property profile of Fe–TiB2-
based HMS.

7.4.1 Ternary Fe–Ti–B Materials

Figure 7.8 shows the pseudo-binary Fe–TiB2 section of the Fe–Ti–B phase diagram.
The eutectic point is located at about 12 vol.% of TiB2 and 1380 ◦C. Figure 7.9
shows respective microstructures with increasing particle fractions, stemming from
small arc-melting ingots subjected with “intermediate” solidification kinetics (about
5 K s−1) [63], similar to those found in industrially established casting processes.
The eutectic morphology is not perfectly lamellar, and the particles stemming from
primary solidification (TiB2 fraction above the eutectic concentration) are large
(diameter in the order of 10 μm) and of sharp-edged, polygonal morphology. It
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Fig. 7.8 Pseudo-binary
Fe–TiB2 section of the
Fe–Ti–B phase diagram,
calculated with Thermocalc
2015a. Database provided by
Thermocalc Software AB
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should be noted that the thermodynamic databases are still under refinement [46,
53, 55], for example, regarding effects of the Ti/B ratio. Experimental results
shown in Fig. 7.10 [78] reveal that Ti amounts below or at the exact stoichiometric
concentration (left, middle) required for the formation of TiB2 lead to the formation
of Fe2B, in agreement with simulation results [46]. For over-stoichiometric Ti
concentrations (right), the predicted Fe2Ti Laves-type intermetallics – which would
lead to additional embrittlement – cannot be observed. As the effectiveness of Fe2B
(about 40 GPa cm3 g−1) is much lower than TiB2 (about 125 GPa cm3 g−1) [17],
most Fe–TiB2-based HMS rely on slightly elevated Ti concentrations (about 20%
over-stoichiometric).

Increasing the particle fraction effectively increases the specific modulus
(Fig. 7.11a), but in turn leads to a deterioration of the mechanical performance
(Fig. 7.11b) [78, 79]. For a HMS with 20 vol.% TiB2 in a ferritic matrix produced
by established casting and hot rolling procedures, a specific modulus of about 30
to 32 GPa cm3 g−1 can be expected, representing an increase of about 20% over
conventional high-strength steels, Al and Ti alloys. The ultimate tensile strength
is increased from about 300 (pure Fe) to about 600 MPa, but the ductility is
decreased to less than 10%, along with a respective decrease in toughness. This
property profile renders such basic HMS alloys not competitive with other structural
materials for lightweight design. It has to be pointed out though that surprisingly
little mechanical testing results – even basic tensile testing data – of various HMS
concepts are published [37, 38, 51, 66, 68, 69].

More information is available on microstructural phenomena: transmission elec-
tron microscopy investigations showed that the Fe – TiB2 interface is semi-coherent
indicating elevated strength (Fig. 7.12) [61]. In situ scanning electron microscopy
tensile tests revealed fracture of large particles as the dominant failure mode rather
than interface delamination (Fig. 7.13) [59]. This highlights the importance of
avoiding or at least limiting the number of coarse TiB2 particles, which can be
achieved by closely controlling the synthesis conditions. Any carbon present in the
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Fig. 7.9 Micrographs (backscatter electron contrast) of HMS microstructures in as-cast condition
with increasing fractions of TiB2 (dark grey) in Fe (light grey, intermediate solidification rate):
Eutectic TiB2 particles of irregular morphology prevail until a fraction of 10 vol.% above coarse
primary particles can be observed. (Reproduced from own work Ref. [78])

melt leads to the formation of TiC particles, which seem to act as nucleation sites
for TiB2 and may lead to its coarsening [63, 74, 80]. Furthermore, it was found
that the particle microstructure (especially size and dispersion) can be dramatically
changed by altering the solidification kinetics [37, 63]. As shown in Fig. 7.14, the
primary particle size (by area) remains roughly constant (about 50 μm2) down
to a cooling rate of about 50 K s−1 (10 mm mould thickness) and then begins
to strongly decrease with increased solidification velocity. As the primary TiB2
particles effectively hinder grain growth of the surrounding ferrite, both particle
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Fig. 7.10 Effect of Ti/B stoichiometry in Fe on the phases formed: colour-coded electron
backscatter diffraction (EBSD) phase maps with image quality superimposed in grey scale; lean
and stoichiometric Ti concentrations (left, middle) reveal TiB2 (green) additional Fe2B (yellow).
Overstoichiometric Ti concentrations (right) suppress the Fe2B formation. (Reproduced from own
work Ref. [78]
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at only intermediate strength (b). (Reproduced from own work Ref. [78])

and matrix grain sizes are closely linked. This mechanism is especially important
as it has the advantage of improving the materials strength without lowering its
impact toughness [81]. The effects on the microstructure are shown in more detail
in Fig. 7.15. Very slow solidification close to equilibrium conditions (top) at
0.016 K s−1 leads to extremely coarse primary particles which have floated to the top
of the solidifying melt. Underneath the eutectic material remains, which is free of
any primary TiB2 particles or ferrite grains. With intermediate cooling rates (middle)
the particle size remains constant as already mentioned, but the tendency of the light
TiB2 particles to de-mix and agglomerate is clearly visible. At extreme cooling
rates achievable with techniques such as meltspinning or splat cooling (reaching
up to 107 K s−1), both particles and matrix can be refined to the order of tens of
nanometres. The HMS alloy can even be super-cooled into an amorphous, glass-like
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Fig. 7.12 Fe–TiB2 interface: Transmission electron microscopy (TEM) bright-field image (a) and
high-resolution transmission electron microscopy (HRTEM) image of the interface parallel to the
prismatic plane (1010), showing semi-coherency (b) [61]

10 µm

te
ns

ile
 a

xi
s

cracks

Fig. 7.13 Fractured particles after tensile testing: Deformation of Fe–TiB2 HMS is typically
accompanied by cracking of coarse particles along the loading direction. The images are with
permission based on previously published work [37]

state, from which nano-scaled ferrite and TiB2 can be precipitated by subsequent
annealing [70].

One of the most attractive attributes of steels is their extremely competitive
price. Only when it can be kept at a minimum even for high-performance alloys,
innovative materials such as HMS have a chance to be used broadly across the
entire range of weight critical applications and not remain in a niche. The elevated
alloying costs of HMS caused by the large Ti additions – 20 vol.% TiB2 require
more than 10 wt.% of Ti – can be overcome by utilising redox-reactions of cheaper
Ti and B oxides [48, 82]. More problematic is that industrial steel production with
its large volumes, obtained mainly by strip or slab casting, results in solidification
kinetics in the critical intermediate regime. To avoid the uncontrolled floatation of
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primary particles and ensure satisfactory mechanical properties, published industrial
interest has centred on eutectic Fe–TiB2 HMS [57, 58, 77]. However, it is difficult
to precisely target the ternary eutectic composition without hyper and hypo-eutectic
constituents, i.e. purely ferritic grains and primary TiB2 particles, respectively.
This can be overcome by utilising the density-induced separation in hyper-eutectic
alloys described above: By switching to large scale discontinuous block casting
with very slow solidification through appropriate moulds, the head containing the
risen primary particles can be easily removed afterwards, leaving behind a large
volume of HMS material of regular eutectic microstructure with relatively simple
and straightforward processing. Laboratory-scale trials revealed that it is thereby
possible to achieve HMS with an increased fracture toughness compared to faster
solidified materials of identical particle content [37]. Processes such as centrifugal
casting can be utilised to enforce this separation even further and steer the coarse
primary particles to form a self-assembling hard surface layer, ideally suited for
wear-critical applications such as break disks or mining drills [37].

As the TiB2 particles – both primary and eutectic – stem from solidification,
their microstructure can only be influenced to a minor extent by subsequent TMT
processing. A slight spheroidisation (increasing with temperature and time) of the
eutectic lamellae can be achieved during annealing, for example, during soaking
[64]. During rolling or forging, the desired recrystallisation of the matrix can be
severely affected by the particles microstructure, especially if they are closely
positioned to each other. Such areas, often as a consequence of agglomerations
during casting, can also lead to particles fracturing. The induced damage leads
to fractures at the edges, which can progress rapidly to destroy the entire slab,
and are another factor why eutectic composition is favourable from an industrial
point of view. Respective hot-rolled, thin-sheet HMS have been produced, and first
evaluations of critical engineering processes to form automotive body parts out
them, such as deep drawing or welding, have been performed [56]. The processing
of thicker gauge materials has not yet been investigated, where especially the
possibility of surface hardening, relevant for example for drive train components
is of critical importance.
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Fig. 7.15 Micrographs (backscatter electron contrast) showing the effect of cooling rates on the
as-cast microstructures of Fe–TiB2 HMS: Solidification rates close to equilibrium conditions (a)
lead to floatation of extremely coarse primary particles to the top of the melt, while the eutectic
material remains without primary precipitates underneath. For intermediate cooling rates (b, c)
particle size remains constant, but light de-mixing and agglomeration emerges. Utilising extreme
cooling rates achieved by meltspinning or splat cooling, resulting in amorphisation (d). The images
are with permission based on previously published work [63]

7.4.2 Alloying Effects

Ternary Fe–Ti–B HMS are hindered by an inherent trade-off: they either allow for
a strong increase in the specific modulus but at the same time they are rather brittle
(hyper-eutectic TiB2 fraction), or they yield satisfactory mechanical properties but
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at a limited E/ρ ratio improvement (hypo-eutectic TiB2 fraction). Both mechanical
and physical performance need to be obtained simultaneously on a suitable level for
HMS, to be not only competitive with, but even superior to other structural materials
for lightweight design. While it is possible to overcome this mutual exclusivity by
adapting the solidification rate (to either very slow or very fast kinetics), this is not
always feasible in view of production volume. Meltspun ribbons, for example, are
with maximum 100 μm too thin for most structural applications, and most steel
production plants are set up for continuous strip casting rather than block casting.
The promising new pathways opened by additive manufacturing are described in the
following section.

An alternative route to obtain HMS whose mechanical and physical performance
are satisfactory, and which can be produced with established steel production tech-
niques, is to utilise additional alloying elements. This route has not yet left the stage
of fundamental scientific investigations. The goal is to counteract the embrittlement
induced by the stiff, hard and sharp-edged particles and simultaneously increase the
strength at least to the level of high-strength steels. The alloying additions – together
with appropriate TMT parameters of course – allow modifying the constitution
of the matrix away from pure ferrite but are expected to also interact with the
morphology, structure and properties of the TiB2 particles. Elevated dimensions in
chemical composition also increase the thermodynamic complexity, highlighting the
need of experimental investigations.

The effect of various alloying elements on the particle microstructure is shown
in Fig. 7.16. Additions of 5 wt.% Cr, Ni, Co, Mo, W, Mn, Al, Si, V, Ta, Nb and Zr,
respectively, were found to slightly increase the size of the primary TiB2 particles,
and Co additions led to the most even size distribution. The eutectic particles
were decreased in size by all elements except Ni, while their aspect ratio was
only marginally affected [64]. The most common alloying elements used in steel
design and relevant for achieving a modified matrix microstructure and constitution
can therefore be considered mostly independent from the particle microstructure,
with the exception of carbon, which leads to the formation of TiC in case of
excessive Ti. This induces coarsening of TiB2, and any remaining B is incorporated
into Fe2B borides. As a result, no C is left available in solution or in cementite
and therefore cannot be utilised for associated heat treatment pathways such as
martensitic hardening as shown in Fig. 7.17 [74].

Alternatively, Mn appears favourable as it is cost effective and allows for a wide
range of matrix constitutions. Concentrations below ~5 wt.% lead to solid-solution
strengthened ferrite, while intermediate concentrations (~ 10 wt.% Mn) result in
α′ and ε martensite, which may be coupled with reverted austenite formed during
intercritical annealing. Concentrations above ~20 wt.% generate austenitic matrices
with decreasing stacking-fault energy (SFE) can be obtained as utilised for TRIP
and TWIP phenomena in high Mn steels. However, while such microstructures
allow achieving elevated strength, toughness and ductility, the altered constitution
is typically associated with a decrease in stiffness. First investigations showed that
predominantly austenitic matrices with 20 and 30 wt.% Mn, respectively, did not
translate into a mechanical performance which could overcome the significantly
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Fig. 7.16 Effect of alloying additions on the as-cast microstructures (backscatter electron contrast)
of Fe–TiB2 HMS: Additions of 5 wt.% Cr, Ni, Co, Mo, W, Mn, Al, Si, V, Ta, Nb and Zr,
respectively, slightly increase the size of the primary TiB2 particles, and Co additions lead to the
most even size distribution. The eutectic particles were decreased in size by all elements except
Ni, while their aspect ratio was only marginally affected. The images are with permission based on
previously published work [64]

reduced E values. Martensitic/austenitic matrices of 10 wt.% Mn concentrations,
on the other hand, were found to improve the matrix/particle co-deformation
without sacrificing too much of the stiffness of the composite, especially for
hypo-eutectic Fe–TiB2-based HMS, where the mechanical performance of dual-
phase (ferrite/martensite) steel could be matched with a specific modulus of about
29 GPa cm3 g−1 [66].

The options to further improve the strength of HMS are limited as C-based
martensite is not available, plastic deformation involves the risks of inducing inter-
nal damage and solid-solution strengthening requires large alloying concentrations.
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Fig. 7.17 Micrographs (backscatter electron contrast) showing changes of the as-cast Fe–TiB2
HMS microstructures caused by C additions: Both (a) hypo- and (b) hyper-eutectic Fe–TiB2 alloys
reveal particle-free areas (areas within dashed white lines) strongly changed eutectic particles.
Primary particles of the hyper-eutectic alloy are vastly enlarged and partially broken. Phase
networks (Fe2B) are marked with dashed black lines (Reproduced from own work Ref.[74])

It was, therefore, investigated whether precipitation strengthening of the inherently
soft and ductile ferritic matrix can be utilised in a similar manner as deployed in
interstitial free or electrical steels [83–85]. Alloying with Si, Mn and Ni led to the
formation of G-phase (base composition Ti6Si7Ni16) in aged materials and elevated
the strength of hyper-eutectic HMS to more than 1100 MPa, but its preferential
formation on grain boundaries strongly decreased the ductility. Additions of 1 and
2 wt.% Cu led to lower strength after quenching (less solid-solution strengthening)
but also to significant strengthening via ageing with a parallel drop in ductility. Both
Cu and G-phase additions lowered the specific modulus, though, most notably for
Cu additions with about 3 GPa cm3 g−1 per wt.% [69].

Figure 7.18 summarises the mechanical (tensile testing data) and physical
properties (E/ρ) of these various alloying strategies for Fe–TiB2-based HMS [66,
69]. It becomes clear that while a promising start has been made and suitable
alloy design strategies have been identified, there remains substantial room for
improvement. The goal in these complex developments is to further optimise the
co-deformation processes without sacrificing the desired gain in specific modulus
for maximum lightweight performance. Most of the underlying phenomena for
the encountered problems are inherent to the Fe–Ti–B base alloy system and the
established synthesis methodologies, though. It is therefore of strong interest to re-
evaluate the current state of the art and to investigate the possibilities offered by
alternative alloy systems and new production routes.
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Fig. 7.18 Summary of tensile testing results, E and ρ values from hyper-eutectic Fe–TiB2 HMS
with alloying additions, in hot-rolled and quenched states: (a) reference alloy, (b) 10 wt.% Mn, (c)
1 wt.% Cu, (d) G-Phase. The images are with permission based on previously published work [66,
69]

7.5 Recent Developments and Outlook

The currently most researched HMS concepts, i.e. Fe–TiB2-based alloys, are limited
by the trade-off between mechanical and physical performance when synthesised
by standard liquid metallurgy techniques, linked to their intermediate solidification
kinetics. Furthermore, they lack the strong fundamental advantage associated with
steels, namely the possibility to alter the mechanical properties over a wide range by
simple and straightforward heat treatments. These limitations have led to research
into novel alloy systems and production techniques.
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7.5.1 Alternative Alloy Systems

Fe–boride systems are advantageous as detailed in the previous sections concerned
with the fundamentals of alloy design for HMS. Investigations into alternatives
for Ti as a boride forming element, though, are accordingly complex, as the
thermodynamics of the multitude of ternary Fe–B–X systems for example are not
fully described yet, and the properties of formed phases and their interaction towards
bulk properties are difficult to predict. This motivated property-driven combinatorial
investigations, adding 5 at.% of various boride forming elements to an Fe–10 at.%
B base alloy, and measure the resulting E, ρ and mechanical properties [67]. As
shown in the selected results of Fig. 7.19a, this high-throughput approach allowed
to efficiently identify Cr as an attractive element for a number of reasons: Cr is
not only much cheaper as an alloying element than Ti, but also beneficial for
the matrix stiffness if kept in solution [86]. It leads to the in situ formation of
M(Fe,Cr)2B type borides from the melt. These particles are increasing in stiffness
with their Cr concentration, from about 290 to 450 GPa from Fe2B to Cr2B. The
elevated density (about 7 g cm−3) is beneficial for liquid metallurgy as it limits
the tendency to float and agglomerate (when precipitated from liquid) as observed
with the less dense TiB2 (about 4.5 g cm−3), rendering the solidification rate a
much less critical parameter. On the other hand this appears disadvantageous for
the efficient improvement of lightweight performance but the specific modulus of
the bulk HMS is important: The drop in effectiveness of the M2B particles can be
readily compensated for by an inherently stiffer matrix when excessive Cr is utilised,
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which also raises the matrix’s strength and also its corrosion resistance. It can be
boosted further by elevated particle fractions without causing production drawbacks
even when standard casting procedures are used as the eutectic concentration in
Fe is higher than those of TiB2. Furthermore, the hypo-eutectic M2B borides
are of favourable elliptic morphology, greatly improving the co-deformation with
the matrix. This beneficial effect on ductility and toughness also translates into
a strongly decreased susceptibility for fracturing during TMT procedures. Most
importantly, though, due to the limited stability of Cr carbides compared to Ti
carbides, Fe–Cr–B-based alloys allow to keep substantial amounts of C into solution
within austenite at elevated temperatures. This free C allows utilising the full range
of established steel heat treatments. As exemplified in Fig. 7.19b, soft annealing
or quenching and tempering allows for varying the mechanical performance over
a huge range, which can also be readily applied locally (e.g. surface hardening)
[72]. Together with the possibility to also achieve stainless steel matrices, this
demonstrates the potential of Fe–Cr–B-based alloys to spread the HMS concept
to a dramatically wider range of applications, to more than the commonly referred
design goal of high-strength sheets for automotive parts.

Other Fe–boride systems appear just as interesting though. The elongated,
whisker-like morphology of highly effective Zr-borides for example might be
utilised for achieving highly anisotropic stiffness [67], ideally suited for appli-
cations where the loading direction in a specific part is unidirectional, such as
bolts. Moving on, the vast range of possible particle phases offers much more
yet untapped potential for future lightweight materials. Even the combination of
different particle phases might be a feasible route to follow, offering the potential
advantage that each phase can be kept lower than its critical fraction (e.g. their
eutectic concentration). An example of a combination of both in situ TiC and TiB2
particles in a ferritic matrix is shown in Fig. 7.20 [74]. However, the associated

Fig. 7.20 An example of a
HMS with more than one
particle phase: TiC and TiB2
formed in situ in Fe.
(Reproduced from own work
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thermodynamic stabilities, which are already complex for ternary boride systems,
get even more complicated to predict. As already mentioned, HMS are, therefore,
a prime field for combinatorial search missions, both with bulk techniques such as
rapid alloy prototyping [87] and as thin film methods based on ab initio calculations
[15].

7.5.2 Novel Synthesis and Processing Techniques

As made obvious in the previous sections, the design of HMS is strongly interrelated
with their respective synthesis techniques. While this limits them somewhat in not
always being readily produced on established equipment, it opens the possibility
to find innovative materials by utilising the specific artefacts of adapted as well as
completely novel techniques. As already mentioned, extra slow solidifications in
discontinuous block casting can be exploited for highly controlled eutectic Fe–TiB2
HMS, and centrifugal casting can lead to self-assembling hard surfaces for wear-
critical applications. The development of synthesis and processing is progressing
rapidly though, with multiple processes that can be tailored for HMS production,
which exceeds the scope of this chapter. Just to give a few examples, friction stir
processing could be ideally suited to refine the size and dispersion of particles [88],
while advanced sintering techniques might increase the effectiveness in PM-based
production routes. Particularly interesting for HMS development are laser-based
additive manufacturing techniques. They have gained significant attention recently
as they allow for superb freedom for geometrical design, near net-shape synthesis
and on-demand production without being economically limited in the number
of required parts. Despite all these advantages, the production route already is
comparatively expensive, and it becomes even more relevant to achieve a true gain
in terms of achievable properties. Currently, the specific processing artefacts make
it difficult to be competitive when materials are used that have been optimised over
decades (if not centuries) for a completely different processing route (i.e. casting and
forging or hot rolling). The main characteristics of additive manufacturing processes
are a very high heating rate, a small meltpool and a high cooling rate in the upper
temperature regime. These render them ideally suited for realising completely new
material solutions, especially for HMS design.

As a first example, the rapid solidification of a small liquid zone can be exploited
to effectively refine the microstructure of Fe–Ti–B alloys down to the nanometric
range: the TiB2 particles have very limited time to grow and agglomerate and
subsequently pin the matrix grain boundaries, preventing their movement and thus
grain growth in the solid state. Subsequent TMT can therefore be utilised – if
possible – to remove any remaining porosity. The basic feasibility of this approach
was demonstrated by spray forming experiments [68]. While not being a true
additive manufacturing technique as it lacks their precise geometrical control, it is
similar regarding the relevant physical metallurgical phenomena. As shown in Fig.
7.21, the drastic refinement of the microstructure results in doubling the strength
to the level of advanced dual-phase steels (ultimate tensile strength of more than
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850 MPa) without sacrificing ductility (total elongation of more than 20%) at a
specific modulus of over 32 GPa cm3 g−1. It is thereby a prime example how
innovative lightweight design solutions can be achieved through novel synthesis
techniques. The transfer to 3D printing processes is currently under investigation.
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Fig. 7.22 Atmospheric reactions in liquid metal deposition: The schematic sketch on the left
illustrates the straightforward synthesis and processing approach utilising distinct atmospheric
reactions. The microstructures (top, secondary electron contrast; bottom, scanning transmission
electron microscopy – high-angle annular dark-field imaging) on the right show the successfully
synthesised material inhering about 2 vol.% nitrides in a stainless steel matrix. The images are with
permission based on previously published work [82]

Another new opportunity offered by additive manufacturing techniques is the
possibility to incorporate oxides and nitride particles into composite structures as
the rapidly solidifying liquid zone allows overcoming their difficult wetting and
tendency to quickly demix in the melt. They can be brought into the process
synthesised ex situ, but this of course requires separate preparation steps, and the
interaction of small particles with the high intensity laser beam can be critical as
even stable oxides can vapourise. Itis therefore more appealing to save the efforts
of particle preparation and rather utilise their in situ formation by reactions of
metallic powder particles with nitrogen and/or oxygen being present in the process
atmosphere. As shown in Fig. 7.22 [82], preliminary trials with various liquid metal
deposition techniques were successful in incorporating more than 2 vol.% of Cr-
nitrides into a stainless steel matrix [82]. For further developing this approach,
powder-spray techniques (such as laser metal deposition; LMD) appear to be
better suited than powder-bed processes (selective laser melting; SLM) as flying
liquid powder particles have a more intense interaction with the atmospheric gases.
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Opposed to oxygen-dispersed strengthened (ODS) steels, the particle size is not so
critical for HMS, but much larger fractions are required for the desired improvement
of the specific modulus. Typical values for oxides and nitrides are in the order of 50–
100 GPa cm3 g−1 [17].

The examples described in this chapter showcase the dynamic state of alloy
and processing design for high-modulus steels. Being merely at the start of their
development, numerous new insights and discoveries are to be expected on the way
towards the next generation of structural materials for lightweight constructions.
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GAR Grain aspect ratio
GARS Gas atomization reactive synthesis
HAGB High-angle grain boundaries
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NFA Nanostructured ferritic alloy
ODS Oxide dispersion strengthened
PM Powder metallurgy
PVD Physical vapor deposition
RFCS Research fund for coal and steel
SEM Scanning electron microscopy
SFR Sodium-cooled fast reactor
SLM Selective laser melting
SPD Severe plastic deformation
TE Tensile elongation
TEM Transmission electron microscope
TMT Thermomechanical treatment
UFG Ultrafine-grained materials
UTS Ultimate tensile strength
XRD X-ray diffraction

Symbols

Ac3 Temperature of the γ /(α + γ ) phase boundary detected upon heating
Acm Temperature of the γ /(γ + θ ) phase boundary detected upon heating
Ae′

3 Temperature of the (α + γ )/γ paraequilibrium phase boundary
Ae′′

3 Temperature of the (α + γ )/γ paraequilibrium phase boundary allowing for
the stored energy in ferrite

BS Bainite start temperature
dp Size of precipitates
G Shear modulus of the material
k Constant
L Mean lineal intercept as a measure of the effective grain size
MS Martensite start temperature
Np Number density of precipitates
P Average die pressure
Q Heat of formation per unit mass
So Interlamellar spacing
t Bainitic ferrite plate thickness
T Temperature
Te Eutectoid temperature
TM Melting temperature
T0 Temperature at which austenite and ferrite of the same chemical composition

have identical free energy
T ′

0 Temperature at which austenite and ferrite of the same chemical composition
have identical free energy and the strain term for ferrite is incorporated

Vα Volume fraction of ferrite
Vγ , 0 Initial volume fraction of retained austenite
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Vγ Volume fraction of retained austenite
x′
γα Carbon content of austenite given by (α + γ )/γ paraequilibrium phase

boundary
x′
T0

Carbon content of austenite at the T ′
0 curve

α Ferrite
ΔG Gibbs free energy
ε Strain
εp True plastic strain
γ Austenite
μ Average coefficient of friction
ρ Density
σρ Dislocation forest strengthening
σd Drawing stress
σHP Hall-Petch strengthening
σ p Nano-oxide precipitation strengthening
σ Y Yield strength

8.1 Introduction and Definitions

Since Herbert Gleiter (the founding father of nanotechnology) in the 1980s [170,
190], the field of nanomaterials has flourished over the last three decades due to
its scientific and technological importance. Gleiter’s basic idea was formulated and
explored experimentally in a 1981 paper on “materials with ultra-fine grain sizes”
[84], where he announces a new class of materials referred to as “interfacial” or
“microcrystalline”, not using yet the term “nanocrystalline materials.” Nevertheless,
Gleiter’s description of these new materials meets the definition of nanotechnology
owing to nanoscale-dependent material properties. According to his first ideas,
the atoms in the boundary or interface region of a nanometer scale domain can
adjust their positions in order to increase the strength and decrease the energy of
the boundary, irrespective of the usual constraints from the volume or bulk of a
material. In addition, Gleiter foresees that the structure and properties of the material
having a volume of interfaces comparable or larger than the volume of crystals may
be different from the structure and properties of the crystalline state of the same
material.

The mechanical and physical properties of steels are determined by several
parameters, namely the intrinsic strength of pure annealed iron, solid solution
strengthening and various microstructural components including particle or precip-
itation contributions, dislocation strengthening and grain size effects. Among them,
the average grain size of the material generally plays a very significant and, often,
dominant, role. The dependence of strength on grain size is expressed in terms of the

Hall-Petch equation for equiaxed structures [92, 188], strength depending on L
−1/2

,
where L is the mean lineal intercept as a measure of the effective grain size. In the
case of lath or plate-shaped grains, such as those of bainite and martensite, strength

depends on L
−1

[163, 169]. It was predicted that in nanostructured steels resistance



330 R. Rementeria et al.

to plastic deformation by dislocation motion would steadily increase as grain size
is reduced [82]. This proved to be true, except that nanocrystalline grain sizes of
certain metals produce often “negative or inverse Hall-Petch effect”, not observed
in the particular case of iron-based materials [37, 45].

The term “nanostructured materials”, with “nanocrystalline materials” and
“nanophase materials” as backups, has become a generic reference to a wide
range of grain and precipitate structures. In order to provide a rationalized and
simple classification, nanostructured materials are here defined to represent cases
where the governing lengthscale L is below 100 nm, as opposed to nanocrystalline
materials, which are those with crystallite sizes smaller than 100 nm. Materials
whose governing lengthscale lies within the sub-micrometer scale (100 nm–1 μm)
are termed submicron materials, while more generically, the term ultrafine-grained
materials (UFG) is used to refer to both nanostructured and submicron materials.
In order to qualify as bulk nanostructured materials, the condition to fulfill is that
they can be manufactured in parts which are large in all three dimensions, with
uniform properties throughout. The definition of large depends on the eye of the
beholder; for this chapter, large is big enough to produce a technologically relevant
component.

The techniques used nowadays to produce bulk nanostructured materials are
usually divided into two categories, i.e., the top-down and the bottom-up approaches
[255], to which a third middle-out approach can be added. In the top-down approach,
a bulk solid with a relatively coarse grain size is processed to produce an UFG
microstructure, often submicron and sometimes nanoscale, through severe plastic
deformation. In the bottom-up approach, nanostructured materials are fabricated
by assembling individual atoms or by consolidating nanoscale solids. The middle-
out approach does not involve any mechanical operation or chemical reaction;
nanostructures are obtained by solid-solid phase transformations through controlled
heat treatment.

This chapter provides an overview of the most relevant and promising processing
strategies to produce nanostructured steels and the structures and related properties
thus obtained. These are nanostructured pearlitic wires obtained by severe plastic
deformation, nanostructured ferritic steels produced by mechanical alloying and
nanostructured pearlitic and bainitic steels formed by solid reaction.

8.2 Processing and Design of Bulk Nanostructured Steels

8.2.1 Nanostructured Steels Produced by Severe Plastic
Deformation

The benefits of heavily deformed steels have been known to humankind for more
than three millennia. It is a fact that technological progress in metallurgy has first
benefitted the development of weapons, from daggers to cannons, and that this
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development has been led by the know-how and fighting techniques across the
ages and civilizations. The earliest examples of steels subjected to severe plastic
deformation can be found in slashing and stabbing weapons, such as swords,
glaives, sabers and daggers, discovered in archeological excavations. For instance,
the Persian Damascus blades made from wootz steel were known to be the finest
weapons produced in Eurasia and were reputed to cut even silk [221]. The exact
processing technique of Damascus steel is still shrouded in mystery, but it is
thought that small hockey puck-sized high-carbon steel ingots were forge-welded
together by hammering at a temperature close to or above Acm, producing a flat
strip, which is repeatedly folded and re-forged, each fold doubling the number
of layers contained through-thickness [258]. Although the final microstructure has
been found to contain cementite nanowires encapsulated by carbon nanotubes [196],
shown in Fig. 8.1, the structure of the matrix remains micrometric. An overview of
the metallurgy and microstructures of antique weapons is given in [58].

Nowadays, hypereutectoid nanopearlitic steel wires produced by drawing have
the highest strength of all mass-produced steel materials, reaching tensile strengths
above 6 GPa [135]. These are used for a wide variety of applications including,
but not limited to, steel cords for reinforcing automobile tires, galvanized wires for
suspension bridges and piano wires.

In the case of wire drawing, grain size reduction is accumulated through the
reduction in the cross-section area. Alternative processes have been developed
in which the overall dimensions of the workpiece remain practically unchanged
after each deformation cycle, so that nanostructures are obtained by repetitive
cyclic plastic deformation. The term severe plastic deformation (SPD) is frequently
reserved to refer to processes which do not involve a net change of shape. However,
the steel industry is conservative to adapt any of the net-shape SPD processes,
primarily due to cost and scalability factors.

Fig. 8.1 (a) Bright-field transmission electron microscope (TEM) image of cementite nanowires
in a Damascus sabre; the dark stripes indicate wires of several hundreds of nanometers in
length, (b) high-resolution TEM image of the cross section of a cementite nanowire piercing the
image plane and (c) bright-field TEM image of dislocation lines tangled at cementite nanowires.
Reprinted with permission from Springer Nature: Springer Physics and Engineering of New
Materials, Discovery of Nanotubes in Ancient Damascus Steel, Reibold et al. [196]
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8.2.1.1 Heavily Deformed Pearlite Wires

Drawing operations involve pulling a wire, rod or bar (usually having a circular
cross-section) through a die or converging channel to decrease its cross-sectional
area and increase length. Wire drawing is produced by the combination of a pulling
force and a pressure force from the die, which extends the wire and reduces its
cross-sectional area while passing through the die, as schematized in Fig. 8.2. The
combined effect of this drawing force should be less than the force that would cause
the wire to stretch, neck, and break downstream from the die. Also, a too large
reduction in cross-sectional area might break the wire. In industrial practice, pulling
loads are rarely above 60% of the as-drawn strength, and the area reduction in a
single drawing pass is rarely above 30% or 35% and is often much lower [270].

The reason why drawing cannot be achieved by simply stretching the wire with
a pulling force is the necking phenomenon. Essentially, after a certain amount of
uniform reduction in cross-sectional area, all further elongation concentrates at a
single location or neck, which rapidly stretches and breaks. A heavily drawn wire
has little or no work-hardening capability and immediately necks when subjected
to simple stretching. Die-less drawing systems based on simple stretching are of
limited application because of necking vulnerability of heavily drawn steels, and
heating of the system is required [109].

In pearlitic steels, the starting microstructure for wire production is critical,
and a previous heat treatment, termed patenting, is needed. Patenting consists of
heating above Ac3 or Acm, followed by either continuous cooling or isothermal
holding to produce a uniform and fine pearlite microstructure. In this sense, the
work hardening rate during drawing and the delamination resistance are enhanced
through elimination of upper bainite in the microstructure [171]. Figure 8.3 shows
an isothermal transformation diagram for an eutectoid steel and the relevant
transformation products as a function of the temperature, where the range to
produce the desired fine pearlitic microstructure for wire drawing is indicated [172].
The temperature at which the patenting treatment is performed has a pronounced
effect on the interlamellar spacing [248]. Coarse microstructures would give rise to

Fig. 8.2 Schematic illustration of the main forces in drawing, P is the average die pressure, μP is
average frictional stress, where μ is the average coefficient of friction, and σd is the drawing stress
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Fig. 8.3 Isothermal time-temperature-transformation diagram of a 0.8C-0.2Si-0.6Mn (wt.%) steel
(hollow dots) and a 0.9C-0.2Si-0.3Mn-0.2Cr (wt.%) steel (filled dots) showing the transformation
temperature range needed to produce fine pearlite by patenting. (Adapted from [126, 172])

brittleness if the material was left in the heat-treated condition, but this effect is not
noticed after a few drawing passes. The patented wire is heavily strained by wet
wire drawing to avoid heat generation [86].

Patenting may be applied to hot-rolled rods at the start of wire drawing or to
cold-drawn wire as an intermediate heat treatment prior to further wire drawing.
Fine pearlite has been traditionally produced in wires by isothermal transformation
in molten lead baths (lead patenting). Alternative processing, such as Stelmor® or
direct patenting (DP), easy drawable (ED) or direct in-line patenting (DLP) systems,
have been developed to produce fine pearlite directly after hot rolling to rod in high-
speed bar mills by controlled cooling processes [60, 176].

All carbon steel wire microstructures are prone to both static and dynamic strain
aging. Static strain aging refers to the transient stress peaks observed in dilute alloys
when a pre-strained specimen is unloaded and aged (even at room temperature) for
a time and then reloaded with the same strain rate as in pre-straining. It is commonly
accepted that the effect is related to the formation of Cottrell atmospheres around
dislocations by diffusing solute atoms ageing [127, 263]. Dynamic strain ageing is
the consequence of recurrent pinning of dislocations repeatedly arrested at obstacles
to their motion in the process of straining. After a carbon steel wire has been in
service or storage for a few months at ambient temperature, it is assumed to be
fully strain aged. Static strain ageing may lead to the appearance of yield point
phenomena, paneling and discontinuous yielding during further forming operations.
Besides, dynamic strain aging is a major consideration during steel wire drawing,
since the adiabatic heat produced by plastic deformation and the frictional heat
generated between the dies and the wire rod result in deformation temperatures
above 200 ◦C. The temperatures at which dynamic strain aging occurs during steel
wire drawing are dependent on both the microstructure and the strain rate [81],
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and they can be reasonably reached by the wire surface. In practice, the drawing
speeds should be selected so as to minimize immediate static strain aging and avoid
dynamic strain aging for the bulk of the wire cross section during drawing [126].

It is not surprising that large residual stresses are retained in the wires after
heavy cold drawing. These depend strongly on the position in the wire; compressive
stresses are found at the center and tensile stresses arise near the surface [210].
In an industrial context, stress relieving of cold drawn steel wires is performed at
temperatures as low as 200 ◦C, in order to maximize strength and minimize stress
relaxation. Alternatively, residual stresses can be relieved to a great extent by a
stabilization thermomechanical procedure, i.e., by applying a plastic deformation on
the wire surface, thus turning the tensile residual stresses into compressive ones [6].

8.2.1.2 Net-Shape Severe Plastic Deformation

Deforming steels to very large plastic strains without introducing any cracks is not
a trivial task. Conventional processing of steel, such as forging or rolling, is carried
out at relatively high temperatures where large strains are needed. In net-shape
SPD processes, compressive hydrostatic stresses are present along with the shear
stresses required for plastic deformation. Shear stresses impart the required plastic
strains, while hydrostatic stresses prevent the samples from cracking. Given that
SPD processes are cyclic, all of them should be such that at the end of any cycle
the overall shape remains the same, ensuring that the process can be repeated again,
thereby accumulating further plastic strain [116].

The most relevant net-shaped SPD processes for steels are equal channel angular
pressing (ECAP) [5, 55, 68, 107], high pressure torsion (HPT) [67, 158, 202, 280]
and multiaxial forging (MF) [141, 178, 236, 245, 276]. Steels produced by SPD
processing such as ECAP, HPT, or MF processes usually have an average grain size
between 0.2 and 0.5 μm, with a highly distorted crystal lattice. However, the crys-
tallite size, or the size of the coherent domains, as determined from X-ray diffraction
(XRD) analyses is of about 50 nm. Although not truly nanostructured materials, this
technicality lets these SPD materials to be classified as nanocrystalline materials.

Accumulative roll bonding (ARB) [47, 48, 249] is a process suitable for large-
scale production which involves the repeated rolling and folding of sheet material
in order to accomplish strain increments without thinning the sample entering the
rolls. However, the process does not lead to particularly fine grains, which tend to
be closer to micrometers than nanometers in size.

Net-shape SPD has not demonstrated to be a relevant technology to produce bulk
nanostructured steels and is left out of this chapter. Needless to say, this does not
mean that further improvements in the processes, a finer control of the strain and
temperature to which steels are subjected, and tailored alloy compositions could not
lead to a new class of competitive bulk nanostructured steels. However, scalability
and processing costs remain an unresolved issue.
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8.2.2 Nanostructured Steels Produced by Mechanical Alloying

An alloy can be created without melting, by violently deforming mixtures of differ-
ent powders [10, 91, 219]. This technique was developed around 1966 by Benjamin
and his co-workers at the Inco Paul D. Merica Research Laboratory as a part of the
program to produce oxide dispersion strengthened (ODS) Ni-based superalloys for
gas turbine applications [13]. Nowadays, there are two main classes of mechanical
alloys which are of commercial significance, the ODS iron-base superalloys and
the ODS nickel-base superalloys. They all contain chromium and/or aluminum for
corrosion and oxidation resistance, and yttrium or titanium oxides for creep strength.
Yttrium oxide cannot be introduced into either iron or nickel by any method other
than mechanical alloying; indeed, this was the motivation for the original work by
Benjamin [13]. Since the topic of this book is on ferrous materials, the focus is
put on iron-base ODS, and, hereafter, the term ODS will refer only to those with
iron as solution matrix. Nanostructured ferritic alloys (NFAs) are a subcategory
of ODS steels, characterized by ultrafine matrix grain size (200–400 nm) and an
extremely high number density (>1024 m−3) of nanoclusters/nanoprecipitates (2–
4 nm diameter) in the grain interiors and precipitates decorating the grain boundaries
[153, 174].

ODS alloys are manufactured by mechanical alloying techniques involving
powder metallurgy. This concept is understood to mean the refining of elementary
or alloyed metal powders by high-energy milling. This results in alloy powders
of extremely fine-grained structure, in which inert oxides, the dispersion particles
responsible for boosting the strength of the material, and the alloying elements
themselves are introduced uniformly into the microstructure. By means of hot
compaction of the mechanically alloyed powder, the fully dense material is derived
and this is then worked to create the semi-finished product. Semi-finished ODS
superalloys are further processed to finished components by hot-forming methods,
machining, or chip-less metal forming. Heat treatment then induces recrystalliza-
tion, either into a coarse columnar grain structure or into a fine, equiaxed set of
grains. The parts are then assembled by mechanical means (bolts or rivets) or by
welding or brazing. A scheme of the typical processing route of ODS steels is
presented in Fig. 8.4.

There are several potential advantages in employing ODS ferritic steels for high-
temperature power plant applications: in addition to the lower raw material cost, the
alloys have a higher melting point, lower density, and lower coefficient of thermal
expansion than the current nickel- or cobalt-base alloys. However, the mechanical
strengths of the alloys in the cast and wrought condition at temperatures in excess
of about 600 ◦C were too low for them to be considered for critical structural
applications. Dispersion strengthening with stable oxide particles is an ideal method
for improving high temperature strength without sacrificing the excellent surface
stability of the matrix alloy. Fe-based ODS alloys, such as MA956 and PM2000,
have a composition and microstructure designed to impart creep and oxidation
resistance in components operating at temperatures from ~1050 ◦C to 1200 ◦C and
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Fig. 8.4 Schematics of the processing route of ODS alloys

Table 8.1 Chemical composition (wt.%) of ODS steels and NFAs

Steel Cr Mo W Ti Al Dispersoid Ref.

MA956 20 – – 0.5 4.5 0.50Y2O3 [42]
MA957 14 0.3 – 1 – 0.25 Y2O3 [42]
PM2000 19 – – 0.5 5.5 0.50 Y2O3 [122]
ODM 751 16.5 1.5 0.6 4.5 0.50Y2O3 [118]
12Y1 12 0.25 Y2O3 [1]
12YWT 12 – 2.5 0.4 – 0.25 Y2O3 [1]
14Y1 14 0.25 Y2O3 [1]
14YWT 14 – 3 0.4 – 0.25 Y2O3 [1]
14Cr CEA 14 – 1 0.3 – 0.25 Y2O3 [63]

above. These alloys achieve their creep resistance from a combination of factors,
i.e., the presence of a very coarse, highly textured, high grain aspect ratio (GAR)
structure that results from and is sensitive to the alloy thermomechanical processing
history [218], and the dispersion of fine scale (20–50 nm diameter) Y2O3 particles
introduced during mechanical alloying that are highly stable to Ostwald ripening.
NFAs typically contain ≥12 wt.% Cr along with tungsten and/or molybdenum
for solid solution strengthening and ferrite stabilization, as well as small amounts
of yttrium, titanium, and oxygen. NFAs are usually designated by their weight
percentage of Cr content followed by YWT, as in 12YWT and 14YWT [29, 173].
Table 8.1 collects typical chemical compositions of ODS steels and NFAs.

8.2.2.1 Alternative Routes for Producing ODS Steels

The standard powder metallurgy (PM) route for the fabrication of ODS steels
(including NFAs) involves several steps, such as gas atomization to produce a pre-
alloyed powder, mechanical alloying (MA) with fine oxide powders, consolidation,
and finally thermal/thermomechanical treatment (TMT). This fabrication route is
complex and expensive, and the scale up for industrial production is very limited.
The suitability of this family of steels for high temperature applications in harsh
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Fig. 8.5 Schematic classification of fabrication routes toward ODS steels conceptualized from
[14]

environments [4, 88, 146, 177, 194, 235, 252] has led to a growing interest in
complementary or alternative fabrication routes able for industrial scale-up offering
a reasonable balance of cost, convenience, and properties. Bergner et al. [14]
recently reviewed the most promising new routes toward ODS steels. Assuming
the conventional PM/AM route as the benchmark for the fabrication of ODS
steels, the focus is mainly put in hybrid routes that comprise aspects of both the
PM route and more radical liquid metal (LM) routes as promising approaches
for larger volumes and higher throughput of fabricated material. A summary of
the alternative routes from the above research is shown in Fig. 8.5. The well-
established and default processes for the production of ODS steels based on a
PM route that depend on an extended MA step to reach an intimate mixture of
oxides in a steel matrix requires quite extended alloying times (typically 60 h).
The precipitation of the necessary high number density of oxide nanoparticles then
occurs during consolidation, heat treatment, and any subsequent thermomechanical
processing. In an attempt to avoid the extended and usually costly MA step, and
to facilitate greater volumes of ODS material, a range of LM and hybrid routes
have been developed nowadays, including ultrasonic dispersion of particles in the
melt and in situ oxidation approaches based on atomization, spray forming, and
melt spinning. Although none of the processes have reached a maturity where the
competitiveness with PM/MA can be assessed, there is sufficient encouragement in
early results to pursue alternatively manufactured ODSsteels. Regarding scalability,
in terms of consolidation of powders along with hot isostatic pressing plus hot
extrusion, spark plasma sintering and other similar field-assisted techniques have
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now convincingly shown promise for scaling-up to an industrial frame. Given the
importance of ODS alloys, particularly to the niche of energy-generating industry,
and civil nuclear power in particular, it is necessary that alternative manufacturing
techniques for small components, such as additive manufacturing technologies [56],
are standardized.

8.2.3 Nanostructured Steels Produced by Solid Reaction

8.2.3.1 Nanostructured Pearlite

Pearlite, as the very first microstructure to be ever observed under a microscope, is
probably the best understood among the solid-solid phase transformations in steels.
However, quoting Robert’s [150] paper on the structure and rate of formation of
pearlite [150, 151], “no one could readily believe that the subject is exhausted, and
there can be no doubt but that it will continue to interest the investigator for many
years to come.”

The course of the isothermal transformation of a steel after austenitization
and further quenching to a temperature level above the martensite start temper-
ature is conveniently represented by the so-called S curve or time-temperature-
transformation (TTT) diagram. Figure 8.3 schematizes transformations taking
place above the martensite start temperature (MS) in low alloy steels, where two
transformation products are distinguished: pearlite forming above the knee of the S
curve and bainite forming below. It is well-known that the interlamellar spacing
of pearlite decreases as the reaction temperature is lowered [184]. Back in the
beginning of the twentieth century, when the resolution power of microscopes was
limited, transformation products at large undercoolings near the knee of the S curve
were not resolvable. Metallurgists thought that the pearlite nodules thus produced
were indeed lamellar pearlite, but of an interlamellar spacing too small for the
resolution of the metallurgical microscope [123, 124]. Zener’s simple but yet useful
thermodynamic approach can be used to illustrate the relationship between the
interlamellar spacing and the transformation temperature in pearlitic steels. Under
Zener’s treatment, a pearlite nodule of interlamellar spacing So advances into the
parent austenite, as illustrated in Fig. 8.6. As the nodule grows, the free energy
remains unchanged in a region that includes one cementite and one ferrite plate (or
two halves of ferrite plates at both sides of the cementite plate) with an interlamellar
distance of S0 and depth of W, as indicated by dotted lines in Fig. 8.6. As the nodule
advances a distance dx, the volume of austenite transformed in the region under
consideration is S0Wdx, and the mass of the austenite transformed is ρS0Wdx, where
ρ is the density. The free energy that is available at temperature T for the formation
of new interfaces is given by

ΔG = Q
Te − T

T
ρS0Wdx (8.1)
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Fig. 8.6 Illustration of an
advancing pearlite nodule

where Q is the heat of formation of pearlite per unit mass and Te is the eutectoid
temperature. Growth of the lamellae is possible only if the increase in the surface
energy is outweighed by the increase of free energy resulting from the transforma-
tion. The increase in the total interface energy is 2SWdx, where S is the surface
energy per unit area. Equating the available free energy to the increase in interface
energy, one obtains an expression for the interlamellar spacing as a function of the
transformation temperature:

S0 = 2TeS

ρQ (Te − T )
(8.2)

Thus, the interlamellar spacing is inversely proportional to the degree of under-
cooling and the heat of formation of pearlite per unit mass, which of course is a
function of the composition.

In this regard, recent work was devoted to assess whether a nanostructured
pearlite could be obtained by increasing the driving force for pearlite transformation
using tailored compositions [271, 272]. Cobalt has been long known to decrease the
interlamellar spacing by increasing the driving force for the formation of pearlite
[97], and the same effect is observed through aluminum additions [112, 137]. The
interlamellar spacing that can be obtained in a eutectoid pearlitic steel with cobalt
and aluminum additions by relatively slow continuous cooling at 0.1 ◦C/s can be as
small as 50 nm [271, 272]. It could be speculated that tailored pearlite isothermal
transformation at low temperatures would lead to even finer interlamellar spacings.

In general terms, the effect of alloying elements upon pearlite transformation
is two-fold: (1) they modify the eutectoid transformation temperature, thereby
changing the degree of undercooling at a fixed transformation temperature, and
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Fig. 8.7 (a) Effect of alloying elements on the eutectoid transformation temperature, Te and (b)
relationship between the reciprocal of undercooling, Te/(Te − T) and interlamellar spacing, S0, in
a 0.8C-0.3Si-0.5Mn (wt.%) steel with different alloying additions of 1 wt.%, except for Mo which
is 0.5 wt.%. (Data from [242])

(2) they change the chemical driving force for pearlite formation at a fixed degree
of undercooling. For instance, chromium refines the interlamellar spacing at a
fixed pearlite transformation temperature by increasing the undercooling, while at
the same undercooling, the lamellar spacing is refined by increasing the chemical
driving force [104].

Figure 8.7a shows the effect of alloying element additions in a 0.8C-0.3Si-0.5Mn
(wt.%) base steel on the eutectoid transformation temperature [242]. It is shown
that ferrite stabilizers, silicon, chromium, molybdenum, and aluminum, increase
the eutectoid transformation temperature whereas austenite stabilizers, manganese,
nickel, and copper, decrease it. At the same time, Figure 8.7b shows the relationship
between the reciprocal of undercooling, Te/(Te − T) and interlamellar spacing
in a 0.8C-0.3Si-0.5Mn (wt.%) steel with 1 wt.% additions of the aforementioned
alloying elements (except for Mo, where the addition is of the 0.5 wt.%). In all
cases, the interlamellar spacing decreases with the undercooling and reaches values
below 100 nm for reciprocal undercoolings below 10, qualifying all these pearlitic
structures as nanoscaled. It should be noted that the literature dedicated to basic
research on pearlite transformation does not pay much attention to the nanoscaled
nature of the structures formed at large undercoolings in alloyed steels, but several
examples can be found if the results are carefully examined [104, 137, 193, 261].

Besides, in hypereutectoid pearlitic steels, a detrimental continuous or semi-
continuous cementite on the prior austenite grain boundaries may develop during
cooling. To avoid this, the steel is alloyed with silicon and vanadium; silicon
suppresses grain boundary cementite formation and microadditions of vanadium
assists in the suppression process by forming submicron vanadium carbide particles
taking the excess carbon from the austenite grain boundary areas [26].

The nanostructure in pearlitic steels is usually achieved at the end of the hot-
rolling step by controlled cooling to the desired transformation temperatures. The
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heat treating schedule presented in Fig. 8.3 to produce the pearlite structure during
patenting can be taken as a reference frame for the production of nanostruc-
tured pearlite following large undercoolings. However, forced cooling followed by
isothermal treatments is not a common practice in long products, where these steels
have their most relevant applicability. Instead, controlled continuous cooling is
applied so that transformations occur in a temperature range where the interlamellar
spacing is kept to a minimum. Further details will be given in Sect. 5.3.

8.2.3.2 Nanostructured Bainite

As for the case of pearlite, the general trend in bainitic steels is that the plate
thickness decreases when the transformation temperature is decreased [220]. The
thickness of the bainitic ferrite plates depends primarily on the “strength” of the
austenite at the transformation temperature, and the driving force for the transfor-
mation, when these variables are treated independently. Strong austenite offers more
resistance to interface motion (growth), while a large driving force increases the
nucleation rate, both leading to microstructural refinement [46, 220]. The effect of
the temperature is implicitly included in both terms, lower temperatures providing
austenite strength and increased chemical driving forces. The theory to estimate the
bainite and martensite start temperatures, BS and MS, respectively [16, 80, 117], was
used in the early 2000s to estimate the lowest temperature at which bainite can form.

Figure 8.8a shows the calculated BS and MS temperatures whereas Fig. 8.8b
shows the time required for bainite transformation to start in a Fe-2Si-3Mn (wt.%)
steel as a function of the carbon content [72, 73]. There seems to be no lower
limit to the temperature at which bainite can be generated as long as the carbon
concentration is increased. In parallel, the rate at which bainite forms slows down

Fig. 8.8 (a) Calculated transformation start temperatures in a Fe-2Si-3Mn (wt.%) steel as a func-
tion of the carbon concentration, and (b) calculated time required to initiate bainite transformation
after [72, 73]

http://dx.doi.org/10.1007/978-3-030-53825-5_5
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exponentially as the transformation temperature is reduced. It may take hundreds or
thousands of years to generate bainite at room temperature.1 For practical purposes,
transformation times are nowadays kept up to a maximum of days, corresponding
to transformation temperatures between 200 and 350 ◦C and carbon concentrations
from 0.7 to 1.0 wt.% with silicon additions from 1.5 to 3.0 wt.%. The presence of
other alloying elements is adjusted to allow hardenability without compromising
transformation kinetics. Silicon, as a carbide inhibitor, is added to avoid the
precipitation of cementite from austenite during isothermal bainitic transformation.
The carbon that is rejected from the bainitic ferrite enriches the residual austenite,
thereby stabilizing it (partially or totally) at ambient temperature. However, carbide
inhibitors are capable of preventing the precipitation of cementite between the
subunits of bainitic ferrite, but they cannot avoid the precipitation of carbides within
the ferrite plates in lower bainite [125]. Indeed, during bainite transformation, there
are one or more transient intermediate states that have a short lifetime [149, 269],
and the relevant precipitation reactions can be best studied in silicon steels since
this element retards the precipitation of cementite without influencing the formation
of transient carbides [98]. Before nanostructured bainite arose as a metallurgical
concept, Sandvik [207, 208] studied the evolution of the bainitic structures formed
in high-carbon high-silicon steels transformed at temperatures between 290 and
380 ◦C, taking advantage of the slow reaction kinetics that permitted a detailed
tracking of the different reaction products.

The overall thermodynamics of the diffusionless growth of bainitic ferrite are
represented by the T0 curve, which is the locus of all points on a temperature versus
carbon concentration plot, where austenite and ferrite of the same composition
have the same free energy, �Gγ → α = 0 [16, 282]. In Fig. 8.9a, growth without
diffusion can only occur when the free energy of ferrite becomes less than that of
austenite of the same composition, i.e., when the concentration of austenite lies to
the left of the intersection between the two Gibbs free energy curves. Assuming
that a plate of bainitic ferrite forms without diffusion, the excess carbon would
afterward be rejected into the surrounding austenite, and the presence of silicon
will avoid any precipitation from the carbon-enriched austenite. The next plate then
has to grow from carbon-enriched austenite in a process that would stop when the
austenite carbon concentration reaches the T0 curve. This effect is known as the
incomplete reaction phenomenon [98] since austenite does not reach its equilibrium
composition, x′

γα given by the Ae′
3 curve, i.e., the (α + γ )/γ paraequilibrium phase

boundary. Considering the stored energy associated with bainite transformation
(ΔGs = 400 J/mol−1) in the Gibbs free energy of ferrite, the condition ΔGγ → α = 0
is fulfilled at lower carbon content values than in the latter case, as depicted in Figure

1To test this theory, two samples of a steel that would take 100 years to transform to bainite at
room temperature were manufactured in 2004, one of which can be seen at the Science Museum of
London while the other one is stored at Sir Harry Bhadeshia’s office in Cambridge University. The
samples, sealed in an inert atmosphere, are mirror-polished so that phase changes will be evident
through the surface rumples caused by the shear transformation, hopefully in 2104.
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Fig. 8.9 Schematic illustration of the origin of the (a) T0 and (b) T ′
0 curves on the phase diagram.

The T ′
0 curve incorporates the strain energy term for ferrite, illustrated on the diagram by raising

the free energy curve of ferrite by the term ΔGs. Ae′
1 and Ae′

3 refer to the paraequilibrium phase
boundaries α/(α + γ ) and (α + γ )/γ , respectively. Ae′′

1 and Ae′′
3 are the corresponding phase

boundaries allowing for the stored energy

8.9b. Thus, the T ′
0 and Ae′′

3 curves are obtained when the T0 and Ae′
3 curves are

modified to account for the stored energy of transformation, respectively [20]. Under
these circumstances, the process will cease when the austenite carbon concentration
reaches the T ′

0 curve (x′
T0

).
Therefore, nanostructured bainite, also termed nanobainite, superbainite, or low-

temperature bainite, is the reaction product of the austenite obtained in high-carbon,
high-silicon steels after isothermal transformation at temperatures below 350 ◦C.
It is a form of lower bainite consisting of a mixture of bainitic ferrite plates
with nanoscale precipitates and retained austenite. In practice, the nanostructures
are obtained outside a continuous production line through proper heat treating,
usually requiring the use of salt baths, with the exception of smaller dimensions
components amenable to dry heat treatments. The temperature control during the
isothermal step is key to obtain the structures, given that transformation times grow
exponentially with decreasing the transformation temperature. Deviations from the
target temperature to lower temperatures may lead to too short times available
for the steel to be fully bainitic, with large portions of detrimental untransformed
retained austenite. The block morphology of untransformed austenite is deleterious
to toughness when it transforms into martensite at an early stage of deformation.
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8.3 Microstructure Description at the Multiscale

8.3.1 Nanostructures in Steels Produced by Wire Drawing

The carbon content in cold-drawn pearlitic steel wires is in the range of 0.75
and 1.00 wt.%, with small additions of other alloying elements, and little or no
addition of carbide formers, i.e., they are fully pearlitic after proper patenting
treatment. The initial material usually consists of a patented wire with a diameter of
1.70 mm, as described in [241]. Figure 8.10 shows the cross-section microstructure
of a 0.82 wt.% C patented steel wire [103]. Figure 8.10a presents a bright-
field transmission electron microscope (TEM) image containing two micron-sized
pearlite colonies, with a uniform interlamellar spacing within each colony (about
130 nm). The bright-field TEM micrograph in Fig. 8.10b was taken from the
cementite reflection encircled in Fig. 8.10a and shows planar defects (indicated
by arrows) that can be attributed to stacking faults or slip traces resulting from
internal strain [110, 214]. Both the patenting temperature and the composition of
the steel have a remarkable effect on the interlamellar spacing, the interlamellar
spacing decreasing with the increase in the carbon composition of the steel and the
decrease in the patenting temperature [171, 248].

Successive cold drawing reduces the width of both ferrite and cementite lamellae
due to increasing strain and also aligns the originally randomly oriented lamel-
lae belonging to different colonies parallel to the wire axis. In pearlite wires,
the microstructural architecture is not changed during moderate deformations, but
soaring strains cause morphological changes, namely fiber curling [105, 238, 241].
Figure 8.11 presents the cross-section microstructure of a 0.82 wt.% C patented
steel wire drawn to a true strain of 4.22 [103]. Figure 8.11a shows a bright-field
TEM micrograph where the pearlite lamellae exhibit bending around the wire axis

Fig. 8.10 Cross-sectional (a) bright-field and (b) dark-field TEM images of patented 0.82C-
0.5Mn-0.25Si (wt.%) pearlitic steel wire. The beam direction is close to the [001] zone of
ferrite. The image in (b) was obtained using the cementite reflection circled in (a). Reprinted by
permission from Springer Nature: Springer Metals and Materials Transactions A, Atom Probe and
Transmission Electron Microscopy Investigations of Heavily Drawn Pearlitic Steel Wire, Hong et
al. [103]
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Fig. 8.11 Cross-sectional TEM images of a 0.82C-0.5Mn-0.25Si (wt.%) pearlitic steel wire drawn
to a true strain of 4.22 (a) bright field and (b) corresponding dark field where the cementite
reflection used is encircled in the selected-area diffraction pattern (inset), and (c) bright-field
image showing the contrast arising from regions of local strain (arrowed) found throughout the
ferrite lamellae. Reprinted by permission from Springer Nature: Springer Metals and Materials
Transactions A, Atom Probe and Transmission Electron Microscopy Investigations of Heavily
Drawn Pearlitic Steel Wire, Hong et al. [103]

with a curled structure, tending to fragment into a ribbon-like morphology. The
interlamellar spacing varies significantly from one ferrite to another, and it appears
that adjacent ferrite ribbons have different orientations, given the darker or lighter
contrast of the ferrite. Figure 8.11b shows a dark-field TEM micrograph taken
from the cementite reflection of the inset. After heavy straining, cementite lamellae
are fragmented into small grains, and individual dislocations, as shown in Fig.
8.10b, are no longer resolvable. The bright-field TEM micrograph in Fig. 8.11b
reveals strain contrast throughout the ferrite lamellae, which is thought to arise
from highly-dislocated regions. Furthermore, selected-area diffraction patterns in
the insets of Fig. 8.11b and c include both ferrite reflections and rings corresponding
to cementite interplanar spacings, the latter resulting from randomly oriented
fragmented cementite grains, not revealed in the dark-field in Fig. 8.11b.

Figure 8.12 shows three-dimensional carbon atom maps of a 0.98C-0.31Mn-
0.20Si-0.20Cr (wt.%) pearlitic steel wire in longitudinal (left) and cross-sectional
(right) views relative to the drawing direction in samples drawn to low (1.96),
medium (4.19), and extremely high strains (6.52) [136]. The 7 at.% C green
isosurfaces are drawn to separate the carbon-enriched regions identified as cementite
from the carbon-depleted ferrite regions. At low drawing strains, the lamellae align
in parallel to the drawing directions without a significant change in the morphology
but with certain fragmentation of the cementite lamellae. As the drawing strain
increases, the volume fraction of cementite continuously decreases by mechanically
driven chemical decomposition thereby releasing carbon into the ferrite matrix,
which gets carbon-supersaturated [79, 94, 110, 111, 130, 157, 211, 214]. Successive
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Fig. 8.12 Three-dimensional carbon atom maps with the 7 at.% C isosurfaces superimposed
in both longitudinal (parallel to the drawing direction, left) and cross-section (perpendicular
to the drawing direction, right) of a 0.98C-0.31Mn-0.20Si-0.20Cr (wt.%) pearlitic steel wire
cold drawn to different drawing strains. Blue arrows indicate some of the subgrain boundaries
decorated with carbon atoms. εd is the true drawing strain. Reprinted by permission from American
Physics Society: American Physics Society and Physical Review Letters, Segregation Stabilizes
Nanocrystalline Bulk Steel with Near Theoretical Strength, Li et al. [136]

cold-drawing results in a reduction of the cementite volume fraction to values of
about 6 vol.% or less, with a concomitant decrease of its carbon content from
25 at.% (6.67 wt.%) to values around 12.5 at.% (3.0 wt.%), depending on the
thickness of the individual lamellae [23]. At extremely high strains, the lamellar
structure evolves into a nearly equiaxed ferrite subgrain structure with carbon atoms
segregating at the boundaries (indicated by the blue arrows).

The stability of the nanoscaled multiphase structure can be easily tested by
annealing treatments at different temperatures. Figure 8.13 shows the effect of
various annealing treatments on the microstructure of a 0.82C-0.5Mn-0.25Si (wt.%)
pearlitic steel wire drawn to a true strain of 4.22 in longitudinal view [103]. The
microstructure of the as-drawn wire in Fig. 8.13a shows little or no difference with
the microstructure after annealing at 200 ◦C for 1 h in Fig. 8.13b. Indeed, the strain
contrast in ferrite remains after annealing at 200 ◦C, while the cementite preserves
the fragmented nanocrystalline structure. Annealing at higher temperatures leads to
significant microstructural changes. After annealing at 400 ◦C for 1 h (Fig. 8.13c),
the interlamellar spacing is coarser than in the as-drawn state, and cementite grains
of about 30 nm and above are observed all throughout the microstructure, even
within the ferrite lamellae. The lamellar structure is lost after annealing at 500 ◦C
for 1 h, originated by spheroidization of cementite and recovery and recrystallization
of ferrite, as Fig. 8.13d illustrates. In general, there are no substantial changes in the
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Fig. 8.13 The effect of annealing on the microstructure of a 0.82C-0.5Mn-0.25Si pearlitic steel
wire drawn to a true strain of 4.22. Bright-field/dark-field TEM image pairs are taken perpendicular
to the wire axis (longitudinal view): (a) as-drawn wire; (b) annealed at 200 ◦C for 1 h; (c) annealed
at 400 ◦C for 1 h; and (d) annealed at 500 ◦C for 1 h. Reprinted by permission from Springer
Nature: Springer Metals and Materials Transactions A, Atom Probe and Transmission Electron
Microscopy Investigations of Heavily Drawn Pearlitic Steel Wire, Hong et al. [103]

nanostructures after annealing at temperatures below 250 ◦C, whereas annealing at
higher temperatures results in time-dependent spheroidization of both ferrite and
cementite lamellae [23, 101, 103, 135, 156, 182, 239].

8.3.2 Nanostructures in Steels Produced by Mechanical
Alloying

8.3.2.1 Structure of the Matrix in NFAs

Immediately after the mechanical alloying process, the powders have a grain size
that can be as fine as 1–2 nm locally [113]. This is a consequence of the extent
of the deformation during mechanical alloying, with true strains of the order of 9,
equivalent to stretching a unit length by a factor of 8000. The consolidation process
involves hot extrusion and rolling at temperatures of about 1000 ◦C, which leads
to microstructure of as-extruded NFAs consisting on elongated grains along the
extrusion direction with a high grain aspect ratio.

Figure 8.14 shows the grain structure in a 14 wt.% Cr ODS steel hot extruded
into bars at 1100 ◦C, in both the longitudinal and transverse directions [39]. The
grain structure in the longitudinal direction is composed of large elongated grains,
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Fig. 8.14 TEM bright-field micrographs from as-received ODS Fe-14 wt.% Cr steel (ferritic). (a)
Longitudinal direction revealing elongated as well as equiaxed grains. (b) Transverse direction
revealing small equiaxed grains. In both directions, regions with different dislocation density are
apparent. Reprinted with permission from Elsevier: Journal of Nuclear Materials, Microstructure
characterization and strengthening mechanisms of oxide dispersion strengthened (ODS) 9 wt.% Cr
and 14 wt.% Cr extruded bars, Chauhan et al. [39]

together with regions of small equiaxed grains, while in the transverse direction
the grains are smaller and equiaxed. The average dislocation density is about
5 × 1014 m−2, with the presence of regions with different dislocation density.

The typical grain size in NFAs is below 300 nm, usually showing a bimodal
distribution of the grain size in different regions of the transverse direction. This
bimodal grain structure is also observed in conventional ODS alloys and is likely to
be due to differences in the amount of milling locally imparted during mechanical
alloying and the resulting grain refinement [39, 154, 155, 174].

It is known that during the course of consolidation, the material may dynamically
recrystallize several times [35, 36, 93]. It should be emphasized that the submicron
grains are not low-misorientation cell structures, but true grains with large relative
misorientations [17].

The resulting crystallographic texture in ODS steels and NFAs is a consequence
of the manufacturing route [8, 38, 54, 145, 179]. For instance, the PM2000 alloy
supplied in the form of a hot-rolled tube (finish rolling temperature of ~1050 ◦C) of
100 mm diameter and 7.9 mm thickness air cooled to room temperature shows an
incomplete α-fiber texture (RD‖<110>) with a dominant {001}<110> component,
i.e., the {100} crystallographic planes parallel to the tube surface and the <110>
crystallographic directions parallel to the rolling direction. On the other hand,
the MA956 alloy having a similar composition to that of the PM2000 alloy, but
supplied in the form of a hot-extruded bar (extrusion temperature of ~1050 ◦C) of
60 mm diameter air cooled to room temperature, presents an α-fiber (ED‖ < 110>)
texture with a strong {111}<100 > γ-fiber component. Figure 8.15a and b show
the orientation distribution function (ODF) at ϕ2 = 45◦ for as-hot-rolled PM2000
alloy and as-hot-extruded MA956 alloy, respectively. To ease the interpretation, Fig.
8.15c shows the ODF section with ϕ2 = 45◦ indicating the position of the major
components of texture in ODS steels.

Upon subsequent cold-rolling of ODS steels and NFAs, the crystallographic
texture produced consists of both α-fiber components such as {001}<110> and
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Fig. 8.15 Orientation distribution function (ODF) at ϕ2 = 45◦ for (a) as-hot-rolled PM2000 alloy,
(b) as-hot-extruded MA956 alloy, and (c) the major components of texture in ODS steels. (Adapted
from [38])

{112}<110> and γ-fiber components such as {111}<110> and {111}<112> [9, 132,
133, 216], depending on the cold rolling direction relative to the original hot-rolling
or -extruding direction. In this sense, investigations on cold-rolling processes have
been intended to change the original texture after fabrication and its effect upon
recrystallization.

8.3.2.2 Structure of the Oxides in NFAs

During intensive milling of the system, the powder particles get work-hardened
and their grain structures are refined. At the same time, yttrium and titanium
atoms are forced into the matrix, either forming solid solution or amorphous sub-
nanometric fragments [100]. The lattice distortions are intensified by the addition
of large solute elements (yttrium, titanium) at substitutional positions and oxygen
atoms at interstitial sites, which can promote the build-up of a large dislocation
density by reducing the level of dynamic recovery. Since the solubility of both
titanium and yttrium in alpha iron is low, the driving force for the precipitation
of titanium and yttrium oxides in the matrix is very high. Precipitation being a
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Fig. 8.16 Five-nanometer-thick slice of an atom map showing the distribution of Cr, Y, and Ti-O
ions in a 14Cr–2 W–0.3Ti–0.3Y2O3 (nominal, wt.%) ferritic steel (a) powder immediately after
MA and (b) after degassing; HIP consolidation at 1150 ◦C for 4 h and further annealing at 1150 ◦C
for 100 h. Reprinted with permission from Elsevier: Acta Materialia, The formation and evolution
of oxide particles in oxide-dispersion-strengthened ferritic steels during processing, Williams et al.
[268]

diffusion-activated mechanism, it is assumed that they form only during the high-
temperature consolidation process [24]. Yttrium is added under the form of yttrium
oxides (Y2O3), and the oxygen content is, therefore, directly related to the content
of these oxides. In addition to this direct oxygen source, there is a second oxygen
source referred to as “excess oxygen” resulting from contamination during milling,
although the oxygen quantity brought by this second source is far from negligible
[268].

Clustering of yttrium and titanium is observed in the powder after a certain
milling time [268], as shown in Fig. 8.16a. Perfect solid solution with a random
distribution of solute atoms is difficult to achieve, especially for elements with low
solubility in bcc iron. However, there is general agreement with the fact that these
sub-nanometric clusters are homogeneously distributed in the powder. Also, after
annealing or consolidation at high temperature, the clusters tend to crystallize and
form nano-oxide precipitates [271, 272]. The number densities and volume fractions
of the nano-oxides decrease and their radii increase with increasing consolidation
temperature [2].

The importance of dissolved titanium relies on the refinement of the Y2O3
precipitates [250] due to the reactions leading to the formation of complex oxides
having typical sizes of a few nanometers [175, 251, 275]. The stoichiometry and
crystal structure of the oxide nanoparticles have been long debated, partly due to
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Fig. 8.17 (a) Phase of the reconstructed exit wave from focal series (under, near, and over focus)
in a high-resolution TEM image of a large nano-oxide, (b) corresponding high-angle annular dark-
field (HAADF) scanning transmission electron microscope (STEM) image where the dashed lines
highlight the periodicity of the Moiré pattern in the overlap region, (c) magnified views of the
periodic structure in the exit-wave reconstruction image. The dashed lines show the periodic
repeated pattern of 5 × 7 Fe unit cells, while the colored balls represent lateral positions of
Y (green) and Ti (blue) columns relative to the Fe (yellow) matrix. Reprinted with permission
from Elsevier: Acta Materialia, The crystal structure, orientation relationships and interfaces of the
nanoscale oxides in nanostructured ferritic alloys, Wu et al. [273]

the use of different techniques, each of them having different limitations: XRD,
TEM, atom probe tomography (APT), and small-angle neutron and X-ray scattering
(SANS and SAXS) [173, 175]. Nowadays, there is general agreement that the
smallest cubic and cuboidal oxide nanoparticles are the face-centered cubic (fcc)
Y2Ti2O7 pyrochlore phase [174], while larger oxides in NFAs are observed to be
Y2TiO5 oxides [271, 272]. As an example, Figure 8.17a and b show a periodic
image pattern in the central region of a small nano-oxide, reflecting the overlap
the Y2Ti2O7 pyrochlore and the ferrite matrix crystal structures formed in the
MA957 NFA. Figure 8.17c shows the corresponding overlays of an ideal Y2Ti2O7
pyrochlore atomic model with the observed orientation relationship. The dashed
lines correspond to a periodic array of 5 × 7 Fe periodic cells, while the colored balls
represent lateral positions of Y (green) and Ti (blue) atoms relative to the Fe matrix
(yellow), based on a visual best fit position adjustment of the image intensities [273].
Thus, the smallest nano-oxides have a coherent cube-on-edge interface, where the
oxides are under compressive stress while the matrix is under tension [273]. The
interface of larger oxides is semicoherent [274], with misfit dislocation structures
in the ferrite matrix. At the same time, there is evidence of oxide nanoparticles
exhibiting core-shell structures with oxygen, chromium and/or titanium enrichments
at the interface [140]. The relevance of the oxide-ferrite interface in NFAs relies on
its ability to trap helium.

Besides, the Y2Ti2O7 have a remarkable thermal stability, remaining essentially
stable for thousands of hours at temperatures below 900 ◦C [50, 175]. Such stability
derives from the low solubility of yttrium in local equilibrium with Y2Ti2O7 [50]. At
higher temperatures, the coarsening mechanism is pipe diffusion along dislocations,
where the yttrium is more soluble than in the matrix and migrates more rapidly. In
parallel, grain sizes and dislocation densities are stable at the same temperatures, at
least for some tens of thousands of hours [49, 50].
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8.3.2.3 Recrystallization Behavior of NFAs

Recrystallization in ODS steels occurs at exceptionally high homologous tempera-
tures, of the order of 0.9 of the melting temperature (TM in Kelvin). This contrasts
with ordinary cold-deformed metals that recrystallize readily at about 0.6 TM. The
reason for such intriguing behavior remains unclear; some authors have speculated
[114] that recrystallization occurs when the grain boundaries overcome solute drag
and the mobility rises suddenly at high temperatures. This is inconsistent with some
experimental evidences that demonstrate that the recrystallization temperature can
be reduced by many hundreds of Kelvin by a slight additional inhomogeneous
deformation [41, 133, 195]. Conversely, other authors suggested that the fine
particles of yttrium oxide may offer a hard pinning for moving boundaries during
recrystallization but this does not explain the reason for the enormous limiting
grain size following recrystallization. In any case, recrystallization is found to be
insensitive to the overall pinning force [165].

The recrystallization process of ODS steels and NFAs consists of two well-
defined stages: extended recovery and abnormal grain growth [24, 189]. During
the whole recrystallization process the submicron elongated grains along the rolling
direction in the as-rolled microstructure evolve to assemble a coarse microstructure
with the millimeter-sized grains presenting a preferential <112> orientation parallel
to the rolling direction. At the first stage, the alloy undergoes an extended recovery
process characterized by a geometrical change in the grain morphology from
an elongated to an equiaxed structure. Here, new grains are not nucleated, and
no significant change in material texture is observed [189], although there is a
strengthening in the texture component towards the (001)<110> (lower Taylor
factor) due to grain rotation driven by dislocation glide.

The uniform microstructure with the α-fiber texture component prior to coarse
grain microstructure is strengthened by the increase of low-angle grain boundaries
(LAGBs) due to subgrain rotation driven by dislocation glide. This promotes the
orientation pinning mechanism of high-angle grain boundaries (HAGBs), which
require an enormous energy to unpin the grain boundaries. This fact explains the
reason for recrystallization (generation of coarse grained microstructure) requiring
elevated temperatures of 0.9 of the absolute melting temperature. The orientation
pinning term was used for the first time by Juul Jensen et al. [115] to describe
the fact that the grain boundary mobility depends on the orientation relationship
between the growing grains and the surrounding matrix material. If the growing
grain is separated from the matrix by a HAGB, and the misorientation between this
grain and the matrix is reduced because of the grain rotation, the HAGB evolves
to a LAGB which presents a substantially reduced mobility. Therefore, the growth
of the grain is stopped after a certain time. This is consistent with the increasing
number density of LAGBs with annealing time detected during the recrystallization
of PM2000 [35]. Besides, the increased number of LAGBs is also responsible for
the pinning of the HAGBs between grains with a strong texture [115].

In this context, weak texture grains of <112> present a substantially higher
mobility than those of the matrix with strong texture (RD || <110>). Therefore,
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Fig. 8.18 Microstructure of the 14YWT NFA after 60% compression and further annealing at
1100 ◦C for 7.5 h showing recrystallized, abnormally grown, and unrecrystallized regions. (a)
Electron backscatter diffraction (EBSD) orientation distribution (inverse pole figure) map, where
the arrow indicates the rolling direction (RD) perpendicular to the compression direction and
the low-angle grain boundaries having misorientation of 0.5◦–2◦are the red lines, (b) bright-
field TEM image, and (c) EBSD band contrast gray scale map showing the low-angle grain
boundaries having misorientation of 0.5◦–2◦ (pink lines) in abnormally grown and recovered
and unrecrystallized grains. Reprinted with permission from Elsevier: Acta Materialia, High
temperature microstructural stability and recrystallization mechanisms in 14YWT alloys, Aydogan
et al. [9]

the <112> oriented grains, present in the as-hot-rolled microstructure with their
associated relatively high-mobility HAGBs, provide the seeds for the nucleation
of abnormal grain growth in the second stage of the recrystallization process.

Figure 8.18 illustrates the structure of the 14YWT NFA after 60% compression
and further annealing at 1100 ◦C for 7.5 h, where recrystallized, abnormally grown
(size >50 μm), and unrecrystallized/recovered regions coexist, with no texture
change in the latter regions [9]. These results corroborate that in NFAs, abnormal
grain growth occurs with no incubation time, and recrystallization and abnormal
grain growth occur simultaneously above 850 ◦C [206].

As aforementioned, the increase of misorientation between neighboring grains
due to cold deformation weakens the orientation pinning, triggering the recrys-
tallization [9, 132, 133, 216]. When NFA products require cold rolling after hot
extrusion, such as in clad tubes,2 recrystallization control is essential to obtain
the required strength and ductility in the hoop direction. Here, thermomechanical
processing aims to produce unrecrystallized cold-rolled forms at an intermedi-
ate process followed by a recrystallization only at final heat treatment [168].
Recrystallization in NFAs after cold deformation remains a key issue particular
to each case study. In general terms, the temperature of the onset of recovery
and recrystallization is closely related with deformation texture and dissolution-
reprecipitation mechanisms of the nano-oxides [9, 132, 133, 216].

2Claddings are tubes with an outer diameter of ~10 mm and a wall thickness of 1 mm. Seamless
tubes are produced according to well-established procedures leading to a pronounced texture after
heat treatment.
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The improved high-temperature strength of NFAs is the result of the effect of
oxide nanoparticles in pinning movable dislocations and inhibiting grain growth
at elevated temperatures. During the extended recovery stage, particles play a
crucial role in suppressing grain boundary mobility by the well-known Zener
pinning effect. The presence of nanoscale oxide particles in the microstructure
may exert an anisotropic pinning force on grain boundaries, and this explain the
differences between transverse and longitudinal grain boundary velocities reported
by Capdevila et al. [36]. Nevertheless, the equiaxed grain morphology during the
extended recovery stage is closely related to the coarsening of the oxides located
at the grain boundaries. After the extended recovery stage, the grain growth is
only suppressed by the orientation pinning mechanism described previously [189].
Only those grains which are not likely to undergo orientation pinning will evolve to
form the recrystallized coarse grained microstructure characteristic of this class of
material.

The coarsening rate of the oxide particles and their link to recrystallization of the
matrix are altered as a function of the annealing temperature and differ from one
alloy to another [216]. As an example, unrecrystallized grains in Fig. 8.18b have
particles with a large aspect ratio while the nanoparticles in the recrystallized and
abnormally grown grains are round and coarser. This is explained on the basis of
a dissolution-reprecipitation process of the nanoparticles [206]. It is speculated that
elongated and undissolved particles in the unrecrystallized areas pin the dislocations
during annealing, while dissolution and reprecipitation of nano-oxides occur on the
dislocation boundaries along the deformation direction. As a consequence, particles
aligned in the deformation direction prevent recrystallization (Fig. 8.18b), whereas
in the regions lacking these particles, after deformation, undergo recovery before
reprecipitation occurs (Fig. 8.18c).

8.3.3 Nanostructures in Steels Produced by Solid Reaction

8.3.3.1 Nanostructured Pearlite

The basic structure of pearlite has been introduced in Sect. 3.1 for patented wires
and is not repeated here for the sake of brevity. Figure 8.19 shows TEM images
of nanostructured pearlite produced in a hypereutectoid steel containing vanadium
microadditions. Two pearlite nodules are observed, where the Moiré fringes between
the ferrite and cementite lamellae indicate that the structure is not parallelly aligned
with the beam, and thus the interlamellar spacing here measured is greater than the
true spacing. The dark-field image in Fig. 8.19 reveals a uniform distribution of tiny
vanadium carbides within the ferrite lamellae.

Measurements of the interlamellar spacing of pearlite can be conducted in a
simple manner by using properly prepared and etched metallographic specimens
using circular test grids to determine the mean random spacing using either scanning
electron microscopy (SEM) replicas or SEM images. A number of randomly chosen

http://dx.doi.org/10.1007/978-3-030-53825-5_3
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Fig. 8.19 TEM images of pearlite produced in a hypereutectoid steel micro-alloyed with vana-
dium. (a) Bright-field image of ferrite and cementite in two pearlite nodules, (b) bright-field image
of vanadium carbides in interlamellar ferrite, and (c) dark-field image of vanadium carbides in
ferrite locations of the left nodule (ArcelorMittal Global R&D internal report)

Fig. 8.20 Bright-field TEM images of the structures formed in a 0.98C-1.46Si-1.89Mn-0.26Mo-
1.26Cr-0.09 V (wt.%) steel isothermally transformed at (a) 200 ◦C for 15 days, (b) 250 ◦C for 30 h
and, (c) 300 ◦C for 9 h. (Authors’ own unpublished work)

fields should be measured to obtain adequate statistics, and the mean true spacing
is calculated as half the mean random spacing [253], meaning that direct rough
estimations without stereological correction are overestimated. Directed spacing
measurements in TEM thin foils by tilting the specimen take much more effort, and
the correlation between the directed spacing measurement and the true interlamellar
spacing is empirical in nature [256, 257]. The interlamellar spacing in the steel
shown in Fig. 8.19 measured using SEM micrographs is about 85 nm.

8.3.3.2 Nanostructured Bainite

Figure 8.20 presents bright-field TEM images of the structures obtained in a 0.98C-
1.46Si-1.89Mn-0.26Mo-1.26Cr-0.09 V (wt.%) steel isothermally transformed at
temperatures between 200 and 300 ◦C. The bright contrast corresponds to the
bainitic ferrite plates, while the dark contrast corresponds to retained austenite
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Fig. 8.21 SEM micrograph of a 1.0C-1.47Si-0.74Mn-0.97Cr (wt.%) steel after incomplete trans-
formation at 200 ◦C for 22 h showing large blocks of retained austenite in between bainite sheaves
formed at a prior austenite grain boundary and thin films between bainitic ferrite plates within the
sheaves. Lower relief etched regions correspond to bainitic ferrite, while upper relief regions are
retained austenite. (Authors’ own unpublished work)

regions. It is easy to note that the scale of the bainitic ferrite plates is refined when
decreasing the transformation temperature. After stereological correction [143],
the thickness of the ferrite plates is determined to be of about 35 nm for the
steel isothermally transformed at 200 ◦C (Fig. 8.20a), 55 nm for transformation
at 250 ◦C (Fig. 8.20b), and 125 nm for transformation at 300 ◦C (Fig. 8.20c) [72,
73]. Thus, nanostructured bainite mainly consists of bainitic ferrite plates embedded
in a network of retained austenite.

Retained austenite presents two distinguishable morphologies, i.e., thin films
between platelets of bainitic ferrite and blocks between sheaves of bainite, as
presented in Fig. 8.21. The carbon content distribution in the austenite goes hand
in hand with the austenitic feature size distribution, thin films being more enriched
in carbon than blocks [31, 75, 199, 200]. Austenite transformation into bainitic
ferrite is regarded as a division process, where ferrite plates divide the austenite
into films, and the sheaves (or aggregates of plates) divide the austenite into blocks.
In the early stages of bainite transformation in silicon-containing steels there are two
populations of austenite: one having a higher carbon content in the surrounding of
the ferrite plates and the other, having a carbon content close to nominal in areas far
from the ferrite [247]. As the transformation progresses, with the subsequent carbon
partitioning from the ferrite towards the austenite, the austenite blocks diminish in
scale getting enriched in carbon and evolving into films as bainitic ferrite plates
breach them. The carbon content of the retained austenite after transformation is
complete is slightly above the value given by the T ′

0 curve.
Figure 8.22a exemplifies an APT needle obtained from a 0.66C-1.45Si-1.35Mn-

1.02Cr (wt.%) steel transformed at 220 ◦C for 168 h, where carbon isoconcentration
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Fig. 8.22 APT measurements on a 0.66C-1.45Si-1.35Mn-1.02Cr (wt.%) steel transformed at
220 ◦C for 168 h showing carbon isoconcentration surfaces at 6 at.% superimposed with the
carbon atom map and proximity histograms across the interfaces indicated by arrows which
correspond to (a) ferrite/austenite interface, (b) ferrite/cluster interface, and (c) ferrite/carbide
interface. (Authors’ own unpublished work)

surfaces at 6 at.% C are superimposed with the carbon atom map. As no crystallo-
graphic information is available through this technique, the low carbon regions are
usually assumed to be the ferrite phase, while high carbon regions are identified
according to their carbon content and morphology [32, 246]. Figure 8.22b, c
and d show the proximity histograms obtained across a ferrite/austenite interface,
a carbon cluster, and a ferrite/carbide interface, respectively. As here observed,
nanostructured bainitic ferrite exhibits a complex nonhomogeneous distribution of
carbon atoms in arrangements with a specific composition, a few nanometers in
size in most cases. These carbon-enriched regions are identified from their carbon
content as Cottrell atmospheres (∼8 at.% C), carbon clusters (∼11 at.% C), the
Fe32C4 carbide (20 at.% C), and cementite or η-carbide precipitates (25 at.% C)
[32, 33, 186, 199, 200, 246].

Besides, APT observations show that large amounts of excess carbon remain in
the baintic ferrite matrix [30, 199, 200, 246], justified by a body-centered tetragonal,
rather than body-centered cubic, symmetry of the ferrite lattice [77, 108, 247]. It is
suggested that the tetragonality detected would be the result of carbon clusters, with
a locally increased tetragonality, surrounded by a depleted matrix [199, 200], which
is representative of the early stages of decomposition of ferrous martensites [244].
The reasons for such carbon-supersaturation still remain a matter of discussion
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Fig. 8.23 Bright-field TEM images of a 0.98C-1.46Si-1.89Mn-0.26Mo-1.26Cr-0.09V (wt.%)
steel isothermally transformed at 200 ◦C for 45 days and tempered at (a) 400 ◦C for 1 h, (b)
450 ◦C for 1 h, (c) 550 ◦C for 1 h, (d) 600 ◦C for 30 min, and (e) 600 ◦C for 1 day

[186], but it is sensible thinking that it is the result of the diffusionless, or partially
diffusionless, transformation of nanostructured bainite, where vacancies would be
playing a role [201].

The thermal stability of nanostructured bainite is tested by tempering experi-
ments presented in Fig. 8.23. Tempering at 400 ◦C for 1 h does not introduce
any perceptible change in the original microstructure, as shown in Fig. 8.23a,
while the same treatment in nanostructured pearlite leads to spheroidization and
coarsening of both ferrite and cementite (see Fig. 8.13d). Tempering at 450 ◦C for
1 h leads to decomposition of the austenite films by the precipitation of fine carbides
(Fig. 8.23b), the length scale of the bainitic ferrite plates remaining intact. With
increasing the tempering temperature to 550 ◦C, retained austenite decomposes
completely, with larger austenite regions leading to cooperative growth of ferrite
and cementite in the form of pearlite, which nucleates at cementite particles located
at ferrite/austenite interfaces (Fig. 8.23c) [95]. Thus, carbon-rich austenite films are
less thermally stable than austenite blocks due to both their higher amount of carbon
in solid solution and the presence of higher amounts of carbon-containing defects
[209]. Tempering of the original structure at 600 ◦C for 1 h produces major changes
involving general coarsening, presented in Fig. 8.23d, and recrystallization when
the heat treatment is prolonged to 1 day (Fig. 8.23e). It is thought that the resistance
to tempering of nanostructured bainite is a consequence of carbide precipitation at
the ferrite/austenite interface, which hinders the plate coarsening process [40, 74,
183].
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8.4 Mechanical Performance of Nanostructured Steels

The ideal slip resistance of metals is about G/30, where G is the shear modulus
of the material [27]. This level of strength is only achieved when the size of the
crystal becomes sufficiently small. This was first demonstrated by Taylor, with the
preparation of a 30 μm antimony wire whose tensile strength resulted in values
about 30 times greater than those of 4 mm antimony crystals [243]. In the case of
iron, crystals in the form of whiskers 1.6 μm in diameter have a yield strength of
about 13.4 GPa and an ultimate tensile strength (UTS) of 16–23 GPa before fracture
occurs [27]. The ideal strength of pure iron is thus computed to be around 13 GPa
[43], and this value is dramatically decreased as materials scale-up [21]. It is in
this context that the relationship between strength and nanoscale of current bulk
nanostructured steels is examined.

8.4.1 Strength and Ductility of Nanostructured Pearlite

The highest tensile strengths that can be achieved in bulk material are found with
eutectoid steels wires, where strength is routinely above 1.5 GPa but can reach more
than 6 GPa [135]. In pearlitic steels, there are fundamentally four strengthening
mechanisms: (1) Hall-Petch strengthening, (2) strain hardening, (3) solid solution
hardening, and (4) dispersion hardening (only when cementite turns amorphous
after large strains). In microstructural terms, the mechanical properties of pearlitic
steels are mainly governed by the thickness of the cementite lamellae. In the case of
cold-drawn pearlitic wires, stress-strain data presented in Fig. 8.24 indicate that two
regimes are present: at true drawing strain, ε ≤ 3 the strength increment as a function

Fig. 8.24 Tensile strength, σ , for different true drawing strains, ε, as evaluated by different
authors: Embury and Fisher [59], Goto et al. [86], Li et al. [136], Maruyama et al. [148], Nam
and Bae [166], Pepe [185], and Zhang et al. [283]
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of strain is lower, and increases when increasing strain presumably due to alignment
of the cementite lamellae parallel to the drawing direction [167]. Therefore, the
Hall-Petch strengthening is considered the most relevant mechanism in pearlitic
steels, following the equation:

ΔσHP = kL
−1/2

(8.3)

where k = 0.422 MPa·m-1/2 is the Hall-Petch constant [265] and L is the effective
grain size, corresponding to the interlamellar spacing S0 in pearlitic steels. The
concomitant strengthening effects of strain hardening, solid solution hardening, and
dispersion hardening are remarkable for ε ≤ 2 − 3 and are reviewed elsewhere
[23]. The same strengthening mechanisms should apply to nanostructured pearlite
produced by both cold drawing and solid reaction.

The fracture mechanism in pearlitic wires varies depending on the drawing
strain. For ε = 1 – 3, the material undergoes ductile failure characterized by a cup
and cone fracture accompanied by necking. This form of fracture occurs by the
initial formation of microvoids in the interior of the material followed by microvoid
enlargement and formation of a crack. As deformation continues, the crack grows
rapidly spreading laterally toward the edges of the specimen forming an angle of
45◦ to the loading axis. The final shearing produces a cup type shape on one fracture
surface and a matching cone shape on the other [23]. For wires cold drawn to ε = 4 –
5, observations indicate that fracture is ductile with the typical dimples indicating
microvoid coalescence with a transition from a necking to the nonnecking mode
between ε = 3 and ε = 4 [23, 86, 136].

8.4.2 Temperature Dependence of Strength and Ductility
of Nanostructured Ferritic Alloys

Three dominant contributions are considered in the flow stress of ODS steels,
namely, (1) Hall-Petch hardening due to the ferrite matrix, (2) hardening from
dislocation forests, and (3) precipitation strengthening resulting from the oxide
dispersoids. However, the superposition of these terms has been suggested to adopt
a Pythagorean (rather a linear) superposition in the form [39]:

σY = σHP + √
σρ + σp (8.4)

where σ Y is the yield strength, and σHP, σρ , and σ p are the Hall-Petch, dislocation
forest, and nano-oxide precipitation strengthening contributions, respectively. For
the first term, Hall-Petch hardening is considered to follow Eq. 8.3, with k = 0.268
MPa·m-1/2 [39, 191]. The contribution from dislocation strengthening is estimated
by the Bailey-Hirsch relationship in terms of the forest intersection mechanism
at the boundaries [39, 191]. Last but not least, nanoparticle strengthening adopts
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Fig. 8.25 Yield strength as a function of the testing temperature for various ODS steels and NFAs.
The compositions of the alloys are given in Table 8.1, and the suffixes L and T indicate that samples
were tested in the longitudinal and transversal directions, respectively. (Data adapted from [7, 57,
102, 121, 223])

different equations according to the particular dislocation-particle interaction mech-
anisms observed, which are strongly dependent on the type, size, shape, and
coherency of the oxide. Under a general assumption [120, 262], oxide dispersion
strengthening depends on the number density (Np) and size (dp) of the nanoparticles
such that σp ∝ √

Npdp.
Figure 8.25 shows the yield strength as a function of the testing temperature for

various conventional ODS steels (MA956 and PM2000) and NFAs, whose chemical
composition is given in Table 8.1. Significant variations in the yield strength of
the different steels are evidenced for testing temperatures below 800 ◦C; the lower
the temperature the larger the difference. There is a general collapse of the tensile
properties above 400 ◦C that can be explained by a change in the deformation
mechanism. However, this behavior is interpreted in two different ways; some
authors find that at the lowest temperatures, precipitates play a major role by pinning
dislocation movement [39, 191], while others argue that the low-temperature
properties are largely affected by the grain size and fraction of unrecrystallized
material, where small atom clusters do not play a major role [7, 121]. At higher
temperatures, the hardening role of the precipitates is still observed, until strength of
all the alloys merges for extrapolations to 900 ◦C. The breakdown of the strength at
elevated temperatures is due to control by other mechanisms. The strength depends
in different ways on temperature, grain size, and strain rate [212]. Hence, the specific
role of the nano-oxides in the strengthening of NFAs is complex and still needs to
clarified from the point of view of both Hall-Petch strengthening by refining the
ferrite matrix and precipitation strengthening itself.

Total elongation values presented in Fig. 8.26 as a function of the testing tem-
perature for various conventional ODS steels and NFAs given in Table 8.1 indicate
that ductility in these materials is relatively poor as compared to conventional steels.
Most of the alloys show a peak in the elongation versus temperature at about 600–
700 ◦C. At this temperature range, the deformation mechanism is modified, with an
intragranular character turning into intergranular for higher temperatures. Damage
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Fig. 8.26 Total elongation as a function of the testing temperature for various ODS steels and
NFAs. The compositions of the alloys are given in Table 8.1, and the suffixes L and T indicate that
samples were tested in the longitudinal and transversal directions, respectively. Data adapted from
[7, 57, 102, 121, 223]

is more severe as the temperature is increased, particularly when the formation of
cavities leading to decohesion along the grain boundaries starts [191].

8.4.3 Strength and Ductility of Nanostructured Bainite

Most of the strength in nanostructured bainite is the result of the bainitic ferrite plate
thickness, t. As mentioned in the introduction, there is an inverse dependence of the
strength on the effective grain size, which in this case corresponds to the true plate
thickness as measured by mean linear intercept and follows the equation [129]:

Δσ = kL
−1

(8.5)

where k = 115 MPa·μm and L = 2t [143]. The fact that strength does not obey the
Hall-Petch relationship is because the transmission of slip across the effective grain
boundaries is determined by the energy required to expand dislocation loops rather
than by dislocation pile-up at the boundaries [129].

The total strength of ferrite alone is the result of (1) the plate thickness, (2)
dislocation forests, (3) solid solution strengthening (including the carbon excess),
and (4) carbide precipitates [20]. The strengthening contributions of these factors
are minute as compared to that due to the bainitic ferrite plate size. This is held as
a reason for the properties of the nanostructure to be insensitive to tempering, until
the onset of plate coarsening [96].

Considering austenite alone, strength is simply described as a function of the
composition and the temperature [278]. The strength of the whole ferrite plus
austenite mixture in nanostructured bainite has been found to be mainly controlled
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Fig. 8.27 Yield strength and hardness (HV30) of different bainite nanostructures as a function of

VαL
−1

. Vα is the volume fraction of bainitic ferrite and L = 2t , where t is the bainitic ferrite plate
thickness. Adapted from [226–228]

by the inverse of the effective grain size weighted by the amount of the bainitic

ferrite [71, 76], i.e., VαL
−1

, where Vα is the volume fraction of ferrite (Fig. 8.27).
Ductility in nanostructured bainite remains an unpredictable property, given that

there is no correlation between the initial volume fraction and/or composition of
austenite and the tensile ductility [159]. On the one hand, a large amount of unstable
austenite is not appropriate for total elongation. On the other hand, a highly stable
austenite, unable to undergo mechanically induced martensitic transformation, or
implying a low rate of this transformation, is neither beneficial [161]. In this sense,
microstructures exhibiting similar retained austenite contents and bainitic ferrite
plate thickness, even produced from the same steel, show largely different tensile
ductility [159, 226–228].

It has long been suggested that failure is a consequence of austenite isolation,
i.e., failure occurs when austenite loses percolation. Modeling of this phenomenon,
considering ellipsoidal objects placed in a matrix, predicts that the percolation
threshold, and thus failure, occurs when Vα ≈ 0.1 [18]. Recently, a simple linear
relationship has been recently proposed [229, 230] in an attempt to quantify, but not
predict, the relationship between retained austenite stability and tensile ductility:

ln
(
Vγ,0

) − ln
(
Vγ

) ∝ kεp (8.6)

where Vγ , 0 is the initial retained austenite content, Vγ is the retained austenite in
the gauge length after applying a true plastic strain of εp, and k is a constant. Fittings
to Eq. 8.6 in Fig. 8.28 indicate that values of k above 0.2 indicate rapid mechanical
destabilization of austenite with increasing strain, leading to brittle fracture. Values
of k below 0.2 are related to ductile fracture, with tensile elongation increasing
as k is decreased. These results are conflicting with the suggested existence of a
percolation threshold below which ductile deformation is no longer possible.
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Fig. 8.28 Tensile elongation (TE) as a function of the value of k for different bainite nanostruc-
tures. Hollow symbols are for brittle ruptures; full symbols are for ductile ruptures, after [229,
230]

A general observation indicates that poor ductility is largely associated with
the lowest transformation temperatures (about 220 ◦C), whereas transformation at
slightly higher temperatures (about 250 ◦C) provide ductile behavior [229, 230].
The reduction of the mechanical mismatch between austenite and bainitic ferrite
is speculated to be the reason behind the better performance of samples treated at
higher temperature [160, 161].

Furthermore, recent studies show that mechanically induced martensitic trans-
formation in nanostructured bainite is stress assisted, where mechanical twinning
of austenite is not a necessary event prior to martensitic nucleation [162]. However,
extensive twinning has been observed to occur in austenite blocks with a crystal ori-
entation highly stable against martensitic transformation. Thus, both mechanically
induced martensitic transformation and twinning contribute to plasticity and strain
hardening in nanostructured bainite [162].

8.5 In-Use Properties and Industrial Applications
of Nanostructured Steels

8.5.1 Applications and Failure Mechanisms in Nanostructured
Pearlite Wire Ropes

Nanostructured pearlite wires are employed in a wide range of applications where a
combination of ultra-high strength and sound ductility is required. The most relevant
usages of drawn wires are tire cords, lifting ropes, and bridge cables [181], where
individual wires are wither twisted or braided to form a rope. For both applications,
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the design requirements rely on tensile and torsion strength, stiffness, ductility,
corrosion resistance, and fatigue endurance of the drawn wires.

A wire rope or cable under tensile or bending loads places the individual wire
elements in tension, torsion, and bending [65, 66]. The geometry of a strand of
wire rope and its stress state under loading can acquire high levels of complexity,
and they are of primary consideration for metallurgical development and tailoring
of the properties. Effective design should minimize bending and torsion stresses
and maximize axial stresses. Bending and torsion stresses can lead to splitting
and delamination of the wire by inducing normal tensile stresses in the subsurface
of the wire [28]. Furthermore, contact and cyclic stresses exist within each wire
due to manufacturing and service loading [232]. For a proper design, torsion tests
and fretting and fatigue behavior of the wires need to be effectively evaluated.
The testing methodologies and properties of wire ropes and commercial cold
drawn pearlitic wires are detailed elsewhere [65, 66]. Therefore, under normal
circumstances, where no corrosion, excessive heat, severe overloading, or chemical
damage is involved, failure of ropes occurs by either fatigue at the zones subjected
to the greatest cyclic loading or abrasion [259]. This type of failure is predictable
under proper inspection, given that individual wires fail first before the whole rope
breaks down [260].

Besides, nanostructured pearlite wires are low alloyed, and corrosion resistance
is thus poor. Wires exposed to environments where protection is needed are normally
zinc coated by either hot zincing or galvanizing process. Only for exceptional cases,
stainless steel wires are used as rope wires. Corrosion is a frequent failure in ropes
when this occurs internally, i.e., when individual wires at the core of the rope do not
receive proper protection preventing the inspector to foresee the problem [11]. Less
common failure mechanism in ropes are those that cannot be predicted and usually
lead to catastrophic failure, such as ropes “jumping the sheaves,” lightning strikes,
hydrogen embrittlement, and kinks [259].

For the reader to envision the magnitude of the requirements of nanostructured
pearlite wires, a rousing example is given by Borchers and Kirchheim [23]: The
Strait of Messina bridge is a suspension bridge projected to connect Torre Faro in
Sicily and Villa San Giovanni in mainland Italy and designed to have the largest span
in the world at 3.3 km. The suspension system of the bridge relies on two pairs of
pearlitic steel cables, each of them having a diameter of 1.24 m and a total length of
5.3 km, corresponding to about 100 tons of steel cable alone. When considering the
dynamic effects of traffic and an earthquake of 6.9 in the moment magnitude scale,
the cables would be subjected to total deformations of more than 1 m or unitary
strains of 3·10−4. This value is far less than the elastic strain of nanostructured
pearlite wires, which reaches a saturation value of 1.6% with increasing drawing
strain. Thus, failure due to overloading is unlikely to occur in this class of material
when design is safely performed.
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8.5.2 Industrial Applications and In-Use Properties
of Nanostructured Ferritic Alloys

The efficiency of plants that produce electric energy or heat is usually increased
when the operation temperature is raised. Some examples requiring increased
operation temperatures for improved efficiencies are gas and steam turbines, ultra-
high temperature coal gasification, solar thermal applications, and advanced nuclear
fusion and fission power plants. These latter are currently being studied within
the framework of the International Generation IV initiative, where the sodium-
cooled fast reactor (SFR) has received the greatest share of funding over the years.
For the safe and efficient operation of the SFR, it is necessary to develop a clad
material that meets the core specifications in terms of dimensions and surface
finish, ductility, compatibility with helium coolant, and irradiation conditions at
temperatures of 1000 ◦C during normal operation [12]. Besides, technologies and
means for developing biomass plants with higher energy conversion efficiencies
are essential to commit to renewable biomass energy generation in the future.
Advanced, indirect combined cycle gas turbine (CCGT) systems offer overall
biomass energy conversion efficiencies of 45% and above in comparison with the
35% efficiency of a conventional biomass steam plant. However, to attain this
efficiency in CCGT operations, it is necessary to develop a heat exchanger capable
of gas-operating temperatures of approximately 1100 ◦C and pressures of 15–30 bar.
Current structural steels and superalloys are at the limits of their applicability under
such severe environments, and the development of components with improved
performance remains a strong driving force for further progress. ODS steels are
candidate materials for use in these next-generation high-temperature applications.

8.5.2.1 Oxidation and Corrosion Resistance of Nanostructured Ferritic
Alloys

In the case of ODS ferritic steels containing ~5 wt.% Al, such as PM2000 and
MA956, an α-alumina scale forms upon high-temperature exposure, which acts
as a good barrier against oxidation [51, 147, 152, 267]. In cases of exposure
to environments with low-oxygen content, formation of the protective layer is
not guaranteed, but a preoxidation treatment, i.e., oxidation of the alloy prior to
exposure, can be applied [69, 90]. Besides their good oxidation resistance, PM2000
and MA956 ODS steels present an outstanding creep performance [231]. On the
contrary, the absence of aluminum in the 12YWT and 14YWT NFAs makes them
susceptible to corrosion under certain media, such as liquid lead-bismuth eutectic
cooled reactors and spallation sources, where aluminum-containing ODS steels
show an excellent performance [106]. It is worth mentioning that a decreased grain
size plays a positive role against localized oxidation, given that grain boundaries act
as fast diffusion paths inside the material preventing deep localized grain boundary
oxidation [61, 106].
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8.5.2.2 Creep Resistance of Nanostructured Ferritic Alloys

Besides the homogeneous dispersion of nanosized oxides in the ferritic matrix, ODS
ferritic steels and NFAs usually exhibit high-strength and creep resistance properties
as a consequence of being far from the equilibrium state [3, 83]. Many features,
such as a large proportion of interfaces and triple junctions, irregular distributions
of alloying elements, the occurrence of nonequilibrium phases and supersaturated
solutions, residual stresses, and excess concentrations of lattice defects, increase the
Gibbs free energy. All these features are closely connected with the nonequilibrium
conditions of the ODS fabrication methods by powder technology [87, 144]. The
excellent creep properties of the NFAs are due to an attractive interaction of
dislocations with oxides described in the well-known model by Rösler and Arzt
[203]. Creep usually exhibits the threshold stress, which correlates well with the
Orowan theory according to which, at a given temperature, the threshold stress is
inversely proportional to the distance of the oxides. Thus, any coarsening of the
oxides causes a degradation of the creep properties.

Figure 8.29 illustrates the superior creep performance of different ODS steels,
and specially of the MA957, 12YWT, and 14YWT NFAs, as compared with
the 9Cr TMP steel having similar chemical composition but not reinforced with
oxide particles. Creep resistance is here expressed by means of the Larson-Miller
parameter (LMP), which allows predicting the lifetime of material vs. time and
temperature using a correlative approach based on the Arrhenius rate equation. The
value of the parameter is usually expressed as LMP = T(c + log t), where c is a
material specific constant, approximated as values between 20 and 30, t is the time
in hours, and T is the temperature in Kelvin.

Fig. 8.29 Larson Miller parameter (LMP) for various conventional ODS steels and NFAs. (Data
adapted from [102, 121])
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8.5.2.3 Irradiation Resistance of Nanostructured Ferritic Alloys

Irradiation resistance in NFAs is obtained two ways. First, they contain highly stable
dislocation sinks with a large number density of thermally stable, nanometer-scale
precipitates that trap helium in bubbles to avoid swelling and helium migration to
the matrix grain boundaries with the subsequent intergranular fracture. Second, they
present high creep strength, permitting operation at temperatures above the dis-
placement damage regime. These two characteristics are responsible for the superior
irradiation resistance of ODS steels and NFAs as compared to thermomechanically
processed heat resistant steel that do not contain nano-oxide precipitates. As long as
NFAs are operated at temperatures above the displacement damage-swelling regime,
they are able to manage very high helium levels, reaffirming their suitability for
fusion reactor structures. An extensive overview of the irradiation damage in these
and other heat-resistant steels can be found in [99, 175].

8.5.2.4 Scalability of Nanostructured Ferritic Alloys

The key point for the rather feeble industrial application may be that producing
NFAs and ODS by the current PM route is certainly expensive. Even if the high
costs could be justified by the absence of materials with comparable properties,
the potential applications need to be established for manufacturers3 to emerge and
promote the development of this class of alloys. For this reason, applications cannot
be limited to the niche of nuclear fusion and fission power plants but to systems
where there is room for increases in the operation temperatures, as previously
introduced. Anyhow, NFAs are used in applications requiring small amounts of
material in complex multimaterial hybrid systems. A perspective of cost is given by
Odette [174] for a first wall and divertor hybrid structure in a large demonstration
fusion reactor requiring 10 tons of NFA at a target price of $50/kg for consolidated
billets. The cost of the material alone would be of five million dollars, remaining a
small fraction of the total cost of a 10,000 million dollar fusion power reactor. Even
though the cost of construction does not reflect the global cost of electric power
economics (including the environmental cost), it is thought that the use of either
ODS steels or NFAs is a feasibility enabling issue [174].

3The production of MA957 was discontinued by INCO, and so it was the production of PM2000
by Plansee, while 12YWT was produced only once as a small heat by Kobe steel.
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8.5.3 Industrial Applications and Failure Mechanisms
of Nanostructured Pearlite Produced by Solid Reactions

The main industrial use of fully pearlitic structures is in rail steels. The first steel rail
to be ever used is said to be the one laid in Derby station on the Midland Railway
in 1857 [277] when no one even knew what pearlite is. The essential microstructure
of those rails was similar to that of the rail steels used today, pearlitic structures
based on nearly eutectoid compositions. Of course improvements have been made
in the last 150 years in order to enhance the basic features around the fundamental
structure by optimizing the chemical composition and impurity/cleanliness levels
and by controlling the austenitization temperatures and cooling paths that lead to
microstructural refinement [233].

The main failure mechanism in rails is wear caused by rolling contact fatigue
arising from cyclic loading at the railhead. The main stress components at the rails
are the rolling contact pressure, shear, and bending forces due to certain sliding
in the rail/wheel contact, and residual stresses arising from manufacturing and
welding. Less relevant failure considerations are related to overloads and harsh
environmental conditions [222].

In eutectoid pearlitic steels, fatigue strength is found to be insensitive to the
interlamellar spacing [52]. However, reduced pearlite interlamellar spacings have a
greater flow stress and work-hardening rate [237], both of which lead to a reduction
in the wear rate [44, 187, 237]. The strong correlation between the wear resistance
and the interlamellar spacing (also reflected an increase in hardness) has led to
processing and alloying approaches to produce fine fully pearlitic structures.

Figure 8.30 shows the specific-wear resistance as a function of the hardness of
the nanostructured pearlite as compared to somewhat softer pearlitic steels and a
variety of bainitic steels, some of which are much harder [53, 226–228]. The results
emphasize the fact that wear performance cannot be simply estimated on the basis
of phase fractions or hardness when the mechanisms of wear are dependent on
microstructural parameters.

An effective and widely used processing approach to produce refined pearlitic
structure on the surface of the rails is the head hardening heat treatment [204].
Head hardening is applied by accelerated cooling with forced air, water sprays,
or oil or aqueous polymer quenching either in the production line while the steel
is still austenitic immediately after hot rolling [26] or separately by reheating
of as-rolled rails [205]. Accelerated cooling is applied so that a refined pearlitic
microstructure is obtained at the railhead where the rolling contact and sliding
occur. By careful adaption of both the steel composition and the thermal history
during head hardening, it is currently feasible to obtain pearlite nanostructures in an
industrial environment [25].

Nevertheless, it should be emphasized that the steel rail industry is strongly
cost driven, and while microalloying with expensive elements such as vanadium
or molybdenum is admitted, relatively high cobalt additions as those proposed in
[53, 271, 272] are simply inconceivable. Also, pearlite formed under isothermal
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Fig. 8.30 Specific wear rates as a function of the initial hardness measured in rolling/sliding tests.
The triangles represent bainitic steels, circles correspond to pearlitic steels, and the filled point is
nanostructured pearlite. Data estimated from [53, 226–228]

conditions near the BS temperature exhibits the finest achievable interlamellar spac-
ing for a given composition (illustrated in Fig. 8.3 for patented wires). Unlike for
sheets, for which the rolling and coiling operations ease isothermal transformations,
long product manufacturing routes are not typically suited for controlled cooling
followed by isothermal paths.

With the development of heavy-load high-speed railways, the in-use demands for
rails are increasingly pushing current metallurgical approaches to their limits. Safety
and cost of railway transportations are partly related to the quality of rail steel,
and improved nanostructures with reliable damage tolerance design and effective
maintenance methods are under continuous development.

8.5.4 In-Use Properties and Industrial Applications
of Nanostructured Bainite

Nanostructured bainite has attracted considerable attention over the past 15 years,
far from but getting closer to industrial applications. Research efforts have focused
on evaluating the in-use performance of these materials for various applications
implying mainly fatigue and wear resistance, beyond looking at basic tensile
strength. This implies understanding the microstructure-properties relationships and
also comparing the results to currently used steel grades and other manufacturing
methods for such applications as well as evaluating the costs of the different
alternatives.

Until today, the Research Fund for Coal and Steel (RFCS) of the European
Commission has financially supported three projects aimed at the industrialization
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of nanostructured bainite, namely Nanobain [226–228], Mecbain [229, 230], and
more recently Bainwear [192]. These were consortia gathering scientists, steel
makers, and end users sharing a common intrigue and interest for the bainitic
nanostructures and ended up with unique developments in understanding both the
physical metallurgy and properties of these steels.

The evaluation of the notched fatigue performance for a variety of load ratios and
notch severity of nanostructured bainite isothermally transformed at 220 or 250 ◦C
to a UTS over 2 GPa shows that the materials behave 10–20% better than 100Cr6
isothermally transformed to a UTS of 2.35 GPa [76, 226–228]. The fatigue response
of nanostructured bainite is strongly dependent on cleanliness (as for most high-
strength steels) and the crystallographic grain size as the critical microstructural
parameter [164, 197] (Table 8.2).

Wear resistance of nanostructured bainite is far more promising with significant
improvements under specific dry sliding, dry rolling-sliding, and rolling contact
fatigue conditions [131, 198]. As a general conclusion, for each wear system the
nanostructures can be optimized by adjusting the amount, size, distribution, and
stability of phases. To this end, the specific and synergistic role of each phase in the
wear mechanisms must be first understood.

Field tests have been recently carried out to assess the suitability of bainite nanos-
tructures in rollers, punches, bearings, and reducing elements [192], and the results
are summarized as follows: Guide rollers for rolling mills made of nanostructured
materials show better performance in warm applications than current grades (see
Fig. 8.31), although they do not offer advantages in Calow straightener rollers
in cold applications. In the case of sheet metal cutting punches, nanostructured
bainite performs favorably when used in extremely harsh conditions, outperforming

Table 8.2 Tensile properties and fatigue data for different loading and notch conditions for
various nanostructured bainitic steels and reference materials (50CrMo4 and 100Cr6). Results
underline the excellent performance of the 0.6C-1.5Si under both isothermal treatment conditions.
YS is the 0.2% offset yield strength, UTS is the ultimate tensile strength, UE is the uniform
elongation, TE is the total elongation, Sa, 50% is the fatigue strength for a probability of failure of
50% (mean value) at 107 cycles, R is the maximum to minimum stress ratio, and Kt is the stress
concentration factor. Adapted from [229, 230]

Sa, 50%, MPa
Kt = 2 Kt = 4

Variant
Isothermal
treatment YS, MPa UTS, MPa UE, % TE, % R = 0.1 R = -1 R = 0.1

0.6C-1.5Si 220 ◦C 114 h 1643 2102 4.5 350 605 240
0.6C-1.5Si 250 ◦C 16 h 1448 1990 8.2 14.3 365 605 230
0.6C-2.5Si 250 ◦C 16 h 1483 1950 8.1 8.6 255 – –
1C-1.5Si 250 ◦C 16 h 1740 2170 8.8 10.7 310 – –
1C-2.5Si 250 ◦C 16 h 1738 2106 11.7 16.8 310 445 210
1C-2.5Si 250 ◦C 40 h 1785 2101 4.3 15.8 335 420 200
50CrMo4 To 37 HRC 1118 1183 5.1 14.7 305 333
100Cr6 2150 2350 355 566 200
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Fig. 8.31 (a) Set-up of the vertical guide rolls located at the entrance of the hot rolling stage in
order to facilitate the passage of the bars, (b) nanostructured bainite guide roll, and (c) undisclosed
pearlitic roll, which is the current main alternative. Measurements with a template, evaluation of
weight loss, and comparison of flank profiles all show an advantage of nanostructured bainite
rollers. (Adapted from [192])

Fig. 8.32 Images of selected punches: (a) Reference DIN 1.2379 in quench and tempered
conditions, showing severe chipping at the tip and failure after 10 cycles, (b) nanostructured
bainitic steel uncoated showing wear and blunting of the cutting surface but no failure before
850 cycles, and (c) coated nanostructured bainitic steels showing almost no wear and no failure
after 850 cycles. (Adapted from [192])

the reference DIN1.2379 tool steel, as illustrated in Fig. 8.32. Nanostructured
bainite bearing components tested under artificial pollution outperform the reference
100Cr6 material, with a significant margin of benefit. Finally, trials on reducing
elements were not conclusive, and under the studied conditions, nanostructured
bainite grades did not offer advantages over the conventional 1.2379 material, where
the wear mechanisms proved to be very different; this was considered interesting for
further applications.

In contrast with its intense academic research activity, nanostructured bainite is
still far from mass production for two main reasons [225]. First, the heat-treatment
remains complex and commonly requires the use of salt baths with the finest
temperature control. Such installations are far less frequent than conventional and
simpler quenching and tempering furnaces. Furthermore, existing lines are often
designed to handle treatments significantly shorter than those required to produce
nanostructured bainite. Second, the benefits remain to be undoubtedly established.
In particular, for components where fatigue is the main damage mechanism,
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nanostructured bainite should bring a sufficiently large advantage to justify a
change from existing solutions. For components where wear is the main damage
mechanism, it is firmly established that bainite nanostructures have exceptional
potential, but further work is required before they can be transferred to actual
applications.

With regard to heat treatment durations needed for isothermal transformation,
several attempts have been made to improve the reaction kinetics. These have been
focused in modifications of the composition [72, 73, 226–228] and heat-treatment
schedules, e.g., by producing partial martensite transformation before subsequent
isothermal bainite transformation [85] or by multistep isothermal heat treatments
[138, 139]. A new approach is currently being explored under the auspices of
the RFCS-funded project, Tianobain [70], where leaner medium-carbon alloys and
shorter-processing times via thermomechanical ausforming are expected to lead
to at least ultrafine bainitic steels with tensile strengths above 1600 MPa [78].
Trial products will be produced and tested using laboratory rolled materials, and
recommendations for full-scale production parameters will be made.

Independent of commercial developments, nanostructured bainite can be consid-
ered as the upper limit of nanostructures obtained by solid-solid phase transforma-
tions, and their study is key for further improvements and understanding of this class
of materials.

8.6 Future Trends

The set of enabling technologies that will supposedly lead us to the so-called
Industry 4.0 or the fourth Industrial Revolution, enabling the complete digitization
of most industrial processes include cognitive and cloud computing, cyber-physical
systems, virtual reality, the Internet of Things, big data, and last but not least,
additive manufacturing [213]. Additive manufacturing is attracting much attention
in the field of metallurgy, owing to the potential for direct manufacturing of complex
parts which would not be possible to machine using current methods. Relevant
additive manufacturing processes for metals consist in successively depositing wire
or powder material that is locally melted on the top surface of the sample to add
a new layer. This is achieved by selectively melting the material deposited using
an energetic electron or laser beam. The technology is currently being used in
rapid prototyping, cladding, coating, tooling and parts repair, and screening of novel
alloys or functionally graded materials.

The main additive manufacturing processes for steels, both selective laser
melting (SLM) and direct energy deposition (DED), consist in local melting and
solidification of the steel powder. In principle, the structures obtained can be
controlled through the process parameters, i.e., the laser power, the speed, and the
hatch distance or the distance in between two laser passes. To fully understand the
correlation between the microstructure and the thermal history, efforts are put to
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measure the temperatures of the melted zones and the cooling rates in situ [15, 62],
which are often said to be in the overwhelming range of 104–106 ◦C/s for SLM.

The very particular, powder-metallurgical and nonequilibrium characteristics of
additive manufacturing processing leaves room to alloys and micro/nanostructures
that are not accessible through classical metallurgical routes. This includes super-
saturated solid solutions, suppression of unwanted phase precipitation, composite
synthesis, and in situ metal-gas reactions. Indeed, SLM-processed parts have
completely different microstructures to those found in cast or wrought steel, which
are not even recognizable for an experienced metallurgist. Phase distribution and
dislocation network structures arising from the rapid solidification process are quite
unique and different from the microstructures and dislocation cells observed in
deformed metals. The resulting tensile properties in bulk steel parts additively
produced are usually superior than those of wrought or cast material [119, 138,
139, 224].

The benefits of rapid solidification can be exploited by careful alloying as a
method to promote massive heterogeneous nucleation and lower the energy of
grain boundaries, bringing stable nanocrystalline steel structures. The opportunities
that additive manufacturing bring in producing not only nanostructured but a new
range of steels have not yet been exploited. Actually, the materials portfolio for
metal additive manufacturing only includes a few stainless and tool steels having
the standard composition of the wrought or cast grades. The race for new steel
compositions adapted to the process is running for both scientist and the main
powder manufacturers. Until now, there are no innovative solutions available in
the market. The most remarkable work on steels specifically designed for additive
manufacturing being that developed in the Max Planck Institute in conjunction with
the Fraunhofer Institute for Laser Technology [128].

Besides, the myth that of 3-D printing in metal will allow producers to replace
mass manufacturing with mass customization needs to be dispelled [22]. Additive
manufacturing will be a disruptive technology in the sense that it will allow
to produce complex steel parts with graded mechanical properties [142, 215]
which cannot be achieved by conventional means, but replacing of traditional
manufacturing techniques is not expected at least in the upcoming decades. If any,
hybrid manufacturing approaches combining both mass conventional processing
and additive manufacturing are a prospect [234]. Thus, the development and
understanding of bulk nanostructured steels that can be produced by the classical
routes is expected to keep in vogue.

8.7 Sources of Further Information

All the findings and developments carried out in nanostructured steels since their
appearance do not fit in this chapter, and each of the metallurgical concepts well
deserves its own book. Here there are some useful references where the reader can
taste the complexity and beauty of each of the topics: bulk nanostructured materials
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(general) [254, 266, 281]; pearlitic steel wires [23, 64, 270]; pearlite and rails [34,
89, 134, 180, 193, 240]; nanostructured bainite [19, 226–230]; and NFAs and heat-
resistant steels [154, 155, 217, 264, 279].
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EDS Energy-dispersive X-ray spectroscopy
EMTO Exact muffin-tin orbital method
EPMA Electron probe microanalysis
FCC Face-centered cubic
FIB Focused ion beam
HCP Hexagonal-close packed
HEA High-entropy alloy
iHEA Interstitial high-entropy alloy
KKR Korringa-Kohn-Rostoker
LAM Laser additive manufacturing
LMD Laser metal deposition
RAP Rapid alloy prototyping
SEM Scanning electron microscope
SLM Selective laser melting
SPR Spin-polarized relativistic
SQS Special quasi-random structures
TCFE-9 Thermo-Calc iron database, version 9
TCHEA1 Thermo-Calc high-entropy alloy database version 1
TCHEA2 Thermo-Calc high-entropy alloy database version 2
TEM Transmission electron microscopy
TRIP Transformation-induced plasticity
TRIP-DP Transformation-induced plasticity-assisted dual-phase
TWIP Twinning-induced plasticity
XRD X-ray diffraction

9.1 Introduction

Widely considered a breakthrough in conventional alloy design, high-entropy alloys
(HEAs) have drawn great attention because the alloys offer numerous opportunities
in the huge unexplored compositional space of multicomponent alloys [1–6]. The
practical significance is evidenced also by the large number of patent applications
that specifically mention “high-entropy alloy”, about 500 so far, of which a quarter
in the current year according to Google patents. A large number of studies in
this field have been motivated by the original HEA concept which suggested that
achieving maximized configurational entropy, through equiatomic ratios of multiple
principal elements, could stabilize single-phase massive solid solution phases [1].
However, an increasing number of studies have revealed that formation of single-
phase solid solutions in HEAs shows only a weak dependence on maximization of
the configurational entropy through equiatomic ratios of elements [7–10]. Rather, it
was found that maximum entropy is not the most essential parameter when aiming
at the design of multicomponent alloys with superior properties [11, 12]. These
findings have encouraged efforts to relax the unnecessary restrictions on (1) the
equiatomic ratio of multiple principal elements and also on (2) the requirement to
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arrive at a strictly single-phase solid solution. In this context, reaching beyond the
original concept of single-phase solid solutions, several variants of this new design
approach have been suggested including nonequiatomic, multiphase, interstitial,
duplex, precipitate containing, and metastable HEAs [4, 13–21]. As shown in Fig.
9.1, several typical HEA systems have been developed, including face-centered
cubic (FCC) structure-based strong and ductile HEAs, body-centered cubic (BCC)
structure-based refractory HEAs, hexagonal-close packed (HCP) structure-based
HEAs, light-weight HEAs, and precious-metal functional HEAs. The number of
HEA compositions explored is increasing rapidly due to the growing research efforts
in this field. Drivers for this research are the promising properties observed for some
of these materials such as for instance good cryogenic toughness and high strain
hardening [3–6].

Many of the alloys developed so far contain elements that are costly and often
have limited availability. Besides the platinum group metals, constituents such as
Co, Zr, Hf, Ta, Nb, and to a somewhat lesser extent W, Mo, Ni, and Cr are
problematic in this regard. For HEAs to find applications beyond narrow niches, it
is thus necessary to formulate HEAs using widely available low cost constituents
such as Fe, Al, Mn, Mg, and Si. Perhaps surprisingly, several of the rare earth
elements such as La and Ce are actually not as prohibitive as their classification
would suggest. Considering cost and availability, Fe is an ideal ingredient, and
therefore, in this chapter the focus will be on such HEAs in which Fe is a significant
elemental constituent with a more than equiatomic concentration.

Fig. 9.1 Element groupings highlighting the main ingredients used to synthesize alloys pertaining
to the five most typical HEA families, i.e., CALPHAD-based strong and ductile HEAs, BCC-based
refractory HEAs, HCP-structured HEAs, light-weight HEAs, and precious functional HEAs [22].
For simplicity, other HEA systems or variants of the alloy classes mentioned above including other
substitutional elements or interstitial ones such as B, C, N, O, etc., are not color coded here. Image
reproduced from Ref. [22] with permission
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9.2 Substitutional Fe-rich High-Entropy Alloys

Thermodynamic investigations of substitutional Fe-rich HEAs showed that the
configurational entropy curve of these alloys is rather flat, indicating that a
wide range of compositions, aside from the equiatomic ones, assume similar
configurational entropy values; see fig. 1 in ref. [23]. Compared to the equiatomic
substitutional HEAs with equimolar ratios of all alloying elements, nonequiatomic
HEA variants widen the accessible compositional space substantially. Indeed, recent
studies have revealed that outstanding mechanical properties exceeding those of
substitutional equiatomic HEAs can be achieved by nonequiatomic Fe-rich HEAs
[4, 13]. As an example shown in Fig. 9.2, when switching from the equiatomic
Fe20Mn20Ni20Co20Cr20 (at.%) system to the nonequiatomic Fe80 − xMnxCo10Cr10
(at.%) system, a novel type of transformation-induced plasticity-assisted dual-phase
(TRIP-DP) HEAs was developed [4, 24]. The two constituent phases in the Fe-
rich HEA, i.e., FCC matrix and the HCP phase, are compositionally equivalent
and thus can be both referred to as high-entropy phases [4]. The nonequiatomic
HEA features a significantly improved strength-ductility combination compared

Fig. 9.2 X-ray diffraction (XRD) patterns and electron back-scattered diffraction (EBSD) phase
maps of Fe80 − xMnxCo10Cr10 (x = 45 at.%, 40 at.%, 35 at.% and 30 at.%) HEAs [4]. The results
reveal the capability for seamless continuous compositional tuning from the single phase into the
two-phase HEA regime, once the strict equimolar composition rule is relaxed. Images reproduced
from Ref. [4] with permission
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to the corresponding equiatomic HEAs. This is mainly due to the combination of
massive solid-solution strengthening, providing increased yield strength, and the
transformation-induced plasticity (TRIP) effect, providing strain hardening increase
particularly in those loading regimes where dislocation hardening gets exhausted
[4, 13].

9.3 Interstitially Enhanced Fe-rich High-Entropy Alloys

Besides the substitutional HEA, substantial interstitial element fractions can also
be introduced into the strong and ductile Fe-rich HEAs to further improve their
mechanical properties. HEAs with functional and significant interstitial content will
be referred to by the acronym iHEA. As an example, carbon was added as interstitial
element into the TRIP-DP-HEA in the pursuit of two main trends [25]:

(i) The addition of interstitial carbon leads to a slight increase in stacking fault
energy and hence phase stability, enabling the tuning of the FCC matrix phase
stability to a critical point so as to trigger the twinning-induced plasticity
(TWIP) effect while maintaining the TRIP effect, thereby further improving
the strain-hardening ability of the alloy.

(ii) HEAs can benefit profoundly from interstitial solid solution strengthening with
its huge local distortions instead of only the established massive substitutional
solid solution strengthening provided by its multiple principal elements.

The iHEA is indeed characterized by the combination of various strengthening
mechanisms originating from interstitial and substitutional solid solution, TWIP,
TRIP, nanoprecipitates, dislocation interactions, stacking faults, and grain
boundaries, leading to twice the tensile strength compared to the equiatomic
Co20Cr20Fe20Mn20Ni20 reference HEA while maintaining identical ductility
[25]. Adding interstitial carbon has other microstructural benefits as well. In
Co20Cr20Fe20Mn20Ni20 alloy, an increase of C content leads to a significantly
higher energy barrier to recrystallization during annealing. The fine-grained
microstructure in partially recrystallized (∼20 vol %) interstitial HEA with a C
content of 0.8 at. % shows a more than five times higher yield strength compared
to the as-homogenized coarse-grained (∼200 μm) carbon-free alloy [26]. In other
alloys too, such as in Fe40.4Ni11.3Mn34.8Al7.5Cr6 alloy, interstitials such as C and
B are shown to significantly enhance strength, ductility, and work-hardening rate
simultaneously [27]. Furthermore, carbon has been shown to reduce corrosion rates
in austenitic high-Mn steels under high pH conditions [28]. However, interstitial
carbon content might be limited if strong carbide formers are present in the alloy
[29].
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9.4 Simulation Techniques for High-Entropy Alloys

To explore the large composition space spanned by HEAs, experimental techniques
alone, which are discussed in Sect. 9.5 below, are not sufficient. Different simulation
techniques can provide complementary insights for these alloys in particular for
determining phase stabilities (e.g., for identifying single-phase alloys) and for
characterizing their mechanical as well as other (e.g., magnetic or electrical)
materials properties.

The most common simulation techniques in this respect for HEAs are currently
atomistic simulations (typically realized by first-principles calculations see, e.g.,
[30]) and thermodynamic approaches based on the CALPHAD (acronym for
calculation of phase diagrams) method in combination with empirical databases
(see, e.g., [31]).

9.4.1 The CALPHAD Approach for Inspecting Phase
Diagrams and Phase Stabilities

The CALPHAD method [31] is one of the most efficient approaches for evaluating
phase stabilities. It is based on advanced parametrization techniques of empirical
databases of assessed experimental data (mostly unaries, binaries, and selected
ternaries). It provides reasonable predictions of phase stability of multicomponent
alloys (see, e.g., Refs. [32, 33] and references therein).

A number of reviews have been devoted recently to related CALPHAD studies
for multicomponent alloys [32, 34–39]. The main underlying concept of the
CALPHAD approach is to minimize the Gibbs energy at a given temperature,
composition, and pressure. The main strength of the method is that, based on
assessed binary and ternary alloys, it allows to extrapolate toward multicomponent
phase space. Even though the predictability of this extrapolation cannot be estimated
a priori, it often turns out to be in excellent quantitative agreement with experiment
[32, 35].

The main conceptual steps within the CALPHAD method is to first collect a
comprehensive collection on phase equilibria and thermodynamic information of
available experiments and simulations. The thermodynamic information is then
quantified by fitting an analytic Gibbs energy expression with adjustable parameters
to the available data including coexisting phases. The assessed data are often
bundled into usually commercial databases. The power of the approach is that
this procedure also allows description of phase diagrams and stable phases in
regions which were not included in the assessment, in particular, the combination of
subsystems to describe multicomponent alloys such as HEAs.

For HEAs, the most popular employed realizations of the CALPHAD approach
in practice are the Gibbs energy minimizing codes such as PANDAT [40] or the
Thermo-Calc package [41]. Many of the investigations referred to in Sects. 9.2 and
9.3 are guided by CALPHAD simulations.
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Fig. 9.3 (a) Subcomponent binaries and isothermal sections at 1000 ◦C for FeCoNi system. (b)
Coupled isothermal section diagrams at 1000 ◦C for a quaternary FeCoNiMn system. (Images
reproduced from [33] with permission)

Fig. 9.4 Phase diagram of FeCoNiCrMn system (a) reproduced from [42] and (b) reproduced
from [38] with permission. Both databases reveal a BCC Cr-rich phase at ~500 ◦C. The calculations
have both been performed using Thermo-Calc together with a (a) self-developed database [42] and
(b) based on the TCHEA1 database [43]

As an example, in Fig. 9.3a the binary phase isothermal section for FeCoNi
system at 1000 ◦C (middle) and the binary phase diagrams of the constitutive
binaries are shown [33]. At 1000 ◦C there is a perfect solid solution irrespective
of the compositional ratio. This is a direct consequence of the continuous solid
solution formation of the involved binaries. In Fig. 9.3b the isothermal section at
1000 ◦C for the five component FeCoNiCrMn (Cantor) alloy is shown. The addition
of Mn results in the formation of a sigma phase in the FeCoMn ternary phase
space. As another application, in Fig. 9.4a, b phase diagrams of the five-component
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FeCoNiCrMn alloy constructed from two independent databases are shown. In both
calculations a Cr-rich sigma phase appears at lower temperatures, which has also
been reported in recent experimental studies [8].

These phase diagram simulations can thus give an important insight into the
single-phase forming ability of high-entropy alloys [44]. However, when sufficient
experimental/computational input data is lacking the predictions become rather
uncertain and various CALPHAD databases may give conflicting results. This is
shown in Fig. 9.5 where phase fractions have been determined for some alloys

Fig. 9.5 Phase fractions as function of temperature for the alloys (a, b) Co20Cr20Fe20Mn20Ni20
(c, d) Co10Cr10Fe40Mn40 (e, f) Co10Cr10Fe50Mn30 (g, h) Co10Cr10Fe49.5Mn30C0.5. The TCFE-9
database was used for panels on the left (a, c, e, g) and TCHEA2 was used for panels on the right (b,
d, f, h). Experiments indicate that Co20Cr20Fe20Mn20Ni20 and Co10Cr10Fe40Mn40 alloys form A1
(FCC) solid solutions at ambient, while Co10Cr10Fe50Mn30 and Co10Cr10Fe49.5Mn30C0.5 alloys
form mixtures of A1 (FCC) and A3 (HCP) solid solutions, with the latter, Co10Cr10Fe49.5Mn30C0.5
alloy, also containing carbides such as M23C6. Although outside its stated range of validity, it
appears that TCFE-9 gives results that are closer to the experimentally observed phases than
TCHEA2. The sigma phase particularly is much more abundantly present in the TCHEA2 results
than in the actual alloys. It should be noted that neither database predicts the presence of A3 (HCP)
solid solutions
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Fig. 9.5 (continued)

according to two thermodynamic databases, the Thermo-Calc iron database (TCFE-
9) and the Thermo-Calc high-entropy alloy database (TCHEA2) [45]. Furthermore,
the CALPHAD approach addresses questions pertaining to phase stability only;
other important properties such as mechanical properties and atomistic information
are lacking.

In general, therefore, the often-successful extrapolation of assessed subsystems
to describe multicomponent alloys is the most powerful advantage of the CAL-
PHAD approach but it is also its strongest limitation at the same time because it is a
priori not evident, how well thermodynamic properties of alloys can be extrapolated.
An alternative simulation technique is provided by parameter-free first-principles
calculations and allows the unbiased determination of the alloy properties [24, 30,
46].
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9.4.2 Atomistic and Electronic Structure Simulation
Techniques for HEAs

First-principles calculations offer an alternative, complementary approach to study
thermodynamic and materials properties of HEAs. Such calculations are solely
based on quantum mechanical laws and natural constants and thus allow for
unbiased simulations of materials without empirical input. The most common
realization of such first-principles-based approaches is density functional theory
(DFT) [47, 48]. In this theory the quantum-mechanical many-body Schrödinger
equation for the electrons is mapped onto an effective one-electron problem in
which the electron density plays the key role. DFT is nowadays one of the most
often employed techniques in theoretical solid state physics and also recently gained
increasing popularity for HEAs; see [30] and references therein.

To simulate chemical disorder for the description of solid solutions, two DFT-
based techniques are commonly employed, the supercell approach (usually in
combination with the concept of special quasi-random structures (SQS) [49]) and
the coherent potential approximation (CPA) (see, e.g., [50–53]).

The supercell-based approaches sketched in Fig. 9.6a employ large (periodic)
simulation cells to mimic the chemical disorder. To optimize the latter, the method
is usually combined with the special quasi-random structures (SQS) technique [49].
The SQS technique is based on mimicking the correlation functions of the true
random state for a small number of clusters such as pairs in near-neighbor shells
and compact many-body clusters in order to obtain an improved description of
chemical disorder in a finite supercell. The main advantage of this approach is that
local effects (e.g., local lattice distortions) and interatomic forces (for computing
lattice vibrations or carrying out molecular dynamics simulations) are readably
accessible. The main disadvantage of this approach is the computational cost
associated with large simulation cells. In principle it is also possible to mimic

Fig. 9.6 Schematics of the (a) supercell approach and (b) CPA to simulate chemical disorder.
(Figure reproduced from [30] with permission)
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magnetically disordered configurations within this approach. It is, however, often
rather difficult to stabilize such configurations in the self-consistent iterations, i.e.,
supercell calculations initialized with a specific defined initial magnetic configura-
tion could converge into energetically close but different magnetic states. This often
complicates simulation of paramagnetic HEAs in practice. Most of such calculations
are carried out with established DFT codes such as WIEN2K [54], QUANTUM
ESPRESSO [55], ABINIT [56], or VASP [57], to name a few.

An alternative, mean-field based approach is provided by the coherent potential
approximation (CPA). This approach is sketched in Fig. 9.6b. Here the ideal random
solid solution is approximated as follows: Each constituting element individually is
embedded into an effective medium which is determined in a self-consistent manner
from all constituting elements under the condition that the electronic scattering from
each of the embedded elements gives rise to a stationary state [58]. In this way the
CPA can mimic ideal mixing of chemical elements for any composition in a single
primitive cell. It is thus possible to compute some properties of FCC or BCC alloys
based on 1-atom unit cells, and this feature makes this approach computationally
exceptionally attractive [46, 59–61]. The inherent mean field approximation of CPA
allows one to vary the compositional ratio continuously in contrast to supercell
approaches in which usually, depending on the chosen supercell size, only discrete
and limited alloying concentrations can be computed. Magnetic disorder can also be
efficiently included based on the disordered local-moment approach [62, 63]. The
disordered local-moment approach is nowadays routinely being used to investigate
the paramagnetic state of magnetic materials. The disadvantage of the CPA is,
however, that it does not capture interatomic forces and thus lacks the ability
of taking proper atomic relaxations into account. In particular for large size-
mismatched alloys and/or interstitially alloyed alloys as discussed in Sect. 9.3 such
relaxation effects can be crucial. The CPA is implemented in many DFT codes
such as, e.g., the SPR-KKR (spin polarized relativistic Korringa-Kohn-Rostoker)
code [64] or the exact muffin-tin orbital method (EMTO) [51, 65] and had been
recently applied to study various properties of HEAs such as phase stability, elastic
properties, or stacking fault energies [30].

As the application of DFT for HEAs has been recently comprehensively reviewed
[30], here some of the potential applications are summarized, and the readers are
referred to [30] for further details. As also discussed in Sects. 9.2 and 9.3, most DFT
simulations for HEAs are so far devoted to study thermodynamic phase stability,
thermally induced excitations such as, e.g., due to lattice vibrations (phonons),
magnetic properties such as, e.g., Curie temperatures, order-disorder transitions,
chemical short-range order, elastic properties, lattice distortions, and stacking fault
energies.

Alloy phase stability are usually addressed by cluster expansion techniques
[66–70] or perturbational approaches such as the generalized perturbation method
[70–74] or the concentration wave approach [75]. In the cluster expansion (CE)
technique the alloy under consideration is mapped onto an Ising-type Hamiltonian.
The so-called effective cluster interactions can be obtained via the Connolly-
Williams method (also sometimes referred to as structure inversion method) [66]
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in which a pool of DFT energies is used to fit cluster interactions. The cluster
expanded Hamiltonian can then be solved, e.g., by Monte Carlo techniques. Several
CE codes have been developed which can be used in conjunction with DFT
codes like VASP, such as, e.g., the ATAT (the alloy theoretic automated toolkit)
program [67] or the UNCLE (universal cluster expansion) code [76]. Recent
applications include, e.g., stability calculations for AlNiCoFeTi alloys [77] or
MoNbTaVW [78]. An alternative to this approach are perturbation-based schemes
such as the generalized perturbation method [70–73] or the concentration wave
approach [75]. Both schemes are based on the CPA formalism introduced above
and are often implemented in KKR and EMTO codes. The generalized perturbation
method (GPM) allows one to compute effective interactions based on the CPA
effective medium. These interactions can be used similar as the CE Hamiltonian
in combination with Monte Carlo simulations to investigate phase stability as,
e.g., recently done for BCC MoNbTaW [46]. In the concentration wave approach,
chemical fluctuations are derived from chemical concentration variations of the
Gibbs energy functional [61, 74] and can be directly related to Warren-Cowley
short-range order parameters [79]. Recent applications include, e.g., AlCoCrFeMn
alloys [80]. The main advantage of the perturbation-based approaches is their
computational efficiency similar as for the CPA compared to the supercell approach.
The main limitations are that relaxation effects are difficult to include as well
as that the calculations rely on the solid solution medium (CPA). The supercell-
based cluster expansion approaches can include relaxation effects but are therefore
also typically less computationally efficient. New advances in machine learning
potentials (see [81–83]) have recently provided an alternative approach. In this way
a potential is trained by machine learning methods which could be used in Monte
Carlo simulations to study the phase stability. This approach has recently been
applied to study the phase stability of BCC NbMoTaW [84]. A main advantage
of this approach is that it converges faster as a comparable CE while keeping the
advantages of the supercell approach (e.g., taking local relaxations into account)
[82].

For computing finite-temperature excitations such as lattice vibrations, typically
three approaches are used for HEAs. These are with increasing accuracy but also
increasing computational expenses analytic approximations based on the elastic
properties such as the Debye model [24, 85, 86], harmonic approximations based on
phonon calculations [87, 88], and finally ab initio molecular dynamics simulations
(AIMD). The Debye model approximations are the by far computationally most
efficient ones. In this approach an analytic Debye model is used to express the
vibrational Gibbs energy in terms of the Debye temperature which in turn is
derived from an equation of state. The latter can be computed based on total
energy calculations of the supercell or primitive cell (in combination with the
CPA approach). In this way the thermodynamic properties due to vibrations and
corresponding phase stabilities can be computed very efficiently [86]. The model is
implemented in, e.g., the GIBBS code [89]. The more accurate approach is based
on the harmonic approximation for which vibrations are explicitly computed by,
e.g., the finite-displacement method (the so-called frozen phonon approach) [90].
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This approach is implemented in several program codes such as, e.g., PHONOPY
[91] (an overview is also given in Tab. 2 in [92]) which are linked to existing
DFT codes such as, e.g., VASP. The harmonic free energy can directly be used to
compute, e.g., the Gibbs energy contributions of ordered and disordered alloys [87].
The most accurate method to compute the vibrational Gibbs energy is the AIMD
approach [93, 94]. This approach does not make any assumption on the harmonic
potential and includes by construction also anharmonic effects. It can be used to
study the impact of vibrations on thermal displacements [95–97]. In combination
with the thermodynamic integration, the approach can be used to compute the
full vibrational Gibbs energy including anharmonicity. The main challenge is to
construct an efficient reference potential. The construction of empirical potentials,
such as based on the embedded atom method, are challenging for multicomponent
alloys [98]. Very recent advances in machine learning potentials have revealed that
robust potentials can be constructed with almost DFT-accuracy that can speed up
the AIMD simulations for free energies by orders of magnitude [98].

As many Fe-based HEAs are magnetic, magnetic contributions are one of the
key properties to be addressed by simulations. The most common technique for
multicomponent alloys is based on an effective localized Heisenberg Hamiltonian.
The effective magnetic pair interactions can be extracted, e.g., via perturbation
approaches typically based on the magnetic force theorem [99], implemented in
many DFT codes such as, e.g., the SPR-KKR code [64]. The interactions can be
used for example in combinations with analytic mean field expressions for the Curie
temperature [100] to compute the magnetic transition temperature or in combination
with Monte Carlo simulations [101]. For an overview of methods capturing the
magnetic free energies from ab initio the readers are referred to [30, 102–104].

The elastic tensor can be computed straightforwardly either through supercell or
CPA approaches by applying various strain tensors [105]. Such computations are
now routinely done for HEAs (see [30] and refs. therein).

For the mechanical performance, the deformation mechanisms are important. A
key property linking atomistic simulations and materials behavior is the stacking
fault energy. Controlling the stacking fault energies by tuning the composition for
instance is important strategy for developing alloys showing, e.g., TWIP or TRIP
effects [24].

9.5 Experimental Techniques for Synthesis and Processing
of High-Entropy Alloys

Experimental techniques for HEAs mainly concern their synthesis, processing, and
characterization. For HEAs based on 3d transition metals, particularly the Fe-rich
ones, well-established bulk metallurgical processes are available to synthesize high-
quality alloy sheets provided that the thermomechanical processing parameters are
controlled properly. Except for the traditional casting and melting setups, recently
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developed combinatorial approaches can be employed also to achieve a rapid
screening of suitable alloy compositions. In the following, several combinatorial
methods and related examples of their use in the field of HEA development are
discussed. The related characterization methods for samples produced by various
combinatorial synthesis techniques are discussed briefly as well.

9.5.1 Combinatorial Rapid Alloy Prototyping of Bulk
High-Entropy Alloys

Bulk combinatorial material probing for identifying novel HEAs has been con-
ducted using various types of methods, particularly the so-called rapid alloy
prototyping (RAP) approach [106]. This is a combinatorial metallurgical screening
method consisting of a semicontinuous high-throughput bulk casting, rolling, heat
treatment, and sample preparation sequence. It has been successfully applied to
the combinatorial screening of lightweight TWIP-type steels [106, 107], high-
strength martensitic steels [108], and HEAs [4, 14]. Since this approach involves
synthesizing bulk samples of specific compositions, it is particularly suited for
screening structural alloys, where the strength, toughness, and ductility are strongly
dependent on the entire thermomechanical history and microstructural evolution
with strong effects associated with internal length scales such as grain size, phase
dispersion, elemental partitioning, and the resulting phase stability.

As schematically illustrated in Fig. 9.7a, the RAP approach enables casting of
five different alloys with tuned compositions of a material system in one operational
approach. This is achieved by using a set of five copper molds which can be moved
stepwise inside the furnace [106]. Although the solidification rate in the RAP casting
setup is deliberately high to avoid macrosegregations, in as-cast conditions the
distributions of multiple principal elements are typically not fully homogeneous
in the bulk HEAs with their coarse dendritic microstructure owing to classical
Scheil segregation [109]. Following casting, the alloy blocks with a thickness of
10 mm and varying compositions are subsequently hot-rolled in air (Fig. 9.7b). This
step is required for removing the dendritic microstructure and possible inherited
casting porosity. The hot-rolling temperature can be adjusted for the specific
HEA compositions, and the rolling reduction is generally above 50%. Sometimes,
even the hot-rolled HEAs still carry some inherited compositional inhomogeneity.
Therefore, after the last hot-rolling pass, the HEA plates are homogenized at
high temperatures (∼1200 ◦C) for several hours (∼2 h) under Ar atmosphere,
followed by water quenching (Fig. 9.7c). For HEAs, appropriate homogenization
is critically important for achieving uniform distributions of the multiple principal
elements in the solid solution structure owing to the sometimes low substitutional
diffusion constants in these materials. Therefore, homogenization is often conducted
on deformed samples to exploit the higher interfacial diffusion coefficients. The
homogenized HEA plates are cut perpendicular to the hot-rolling direction to obtain
some segments with smaller size for the subsequent processes and characterization
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Fig. 9.7 Illustration of the RAP approach for combinatorial synthesis and processing of high-
entropy alloys. The RAP approach can also be applied to many other material systems including
advanced high-strength steels. (Images reproduced from Ref. [22] with permission)

(Fig. 9.7c). Since the homogenized HEA plates generally exhibit a large grain size,
cold-rolling (Fig. 9.7d) and annealing (Fig. 9.7e) processes are required to refine the
microstructure toward better mechanical properties. The thickness reduction during
cold rolling is generally higher than 50% to obtain a fully deformed microstructure
and sufficient stored strain energy in the alloys. Annealing is conducted for
recrystallization of the microstructure and for the control of the grain sizes; hence,
times and temperatures are in each case adjusted according to the targeted grain sizes
and crystallographic textures. After these microstructure-tuning processing steps,
samples for microstructure investigation and performance testing are machined
from the alloy segments by spark erosion. Following the sample preparation,
various characterizations (Fig. 9.7f) can be efficiently performed to determine the
composition-microstructure-properties relationships in the HEA systems.

Since bulk samples can be produced by the RAP technique, all characterization
methods used in conventional one-alloy-at-a-time practice, such as X-ray diffraction
(XRD), electron backscatter diffraction (EBSD), energy-dispersive X-ray spec-
troscopy (EDS), tensile testing etc., can also be applied to explore the composition-
microstructure-properties relationships in the combinatorial RAP processed HEAs.

9.5.2 Combinatorial Diffusion-Multiple Probing
of High-Entropy Alloys

As an extension of diffusion-couples, diffusion-multiples allow three or more metal
blocks to be placed in diffusional contact, which enables the probing of ternary and
higher-order alloy systems. Generally, such diffusion-multiple setups are subjected
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Fig. 9.8 Schematic sketches showing some examples of diffusion-multiple setups for combina-
tional HEA research [22]. (a–b) Two typical setups for four-component alloy systems. (c) A typical
setup for five-component HEA systems. (Images reproduced from Ref. [22] with permission)

to a high temperature to induce thermal interdiffusion to continuously form com-
positionally graded solid solutions and/or intermetallic compounds [110, 111]. The
primary investigations on the combinatorial design of alloys by diffusion-multiples
have been conducted by Zhao et al. [110–114]. It was demonstrated that for binary
and ternary systems, complete composition libraries of all single-phase regions
(including intermetallic compounds) can be achieved by using diffusion-multiples
[110–113]. Currently this technique is also being extended to the high-throughput
development of multicomponent HEAs [115].

Figure 9.8 presents some typical examples of diffusion-multiple setups for
combinatorial HEA research and discovery. For four-component systems (ABCD),
four pure metal blocks can be used to build the assembly, and the quaternary mixed
region is located at the center of the whole assembly (Fig. 9.8a). Also, setup made by
one block of an equiatomic binary alloy (e.g., A50B50) and two pure metal blocks
(e.g., C and D, respectively) can be employed to investigate the four-component
systems (Fig. 9.8b). For five-component systems (ABCDE), two different binary
alloy blocks (e.g., A50B50 and C50D50, respectively) together with one pure metal
block (e.g., E) are suitable for building a diffusion-multiple assembly (Fig. 9.8c).

In a diffusion-multiple assembly, the contacted surfaces of different metal blocks
are required to be polished and cleaned without contamination. Generally, to avoid
contamination from the environment the assembly needs to be evacuated and welded
in vacuum along the peripheral junction using methods such as electron beam
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welding [113]. The whole assembly is then treated in a hot isostatic pressing (HIP)
condition at a high temperature (e.g., 1200 ◦C) for several hours to achieve close,
pore-free and dense interface contact of all constituent blocks. Subsequently, the
diffusion multiple is heat treated at a high temperature (e.g., 1200 ◦C) for a long
period (generally more than 24 h). The long heat treatment time is a consequence of
the requirement of forming sufficiently spatially extended diffusion profiles, so that
the solid solution phases and/or intermetallic compounds formed in the diffusion-
multiple are large enough to be characterized without overlapping influence from
neighboring phases.

Besides the sample-making process, the diffusion-multiple technique also
involves localized property measurements using multiple microscale probing
methods. Special microscale characterization is necessary because the phases
formed in a diffusion-multiple have a very small length scale. Therefore, many of
the characterization techniques commonly used in conventional one-alloy-at-a-time
practice cannot be applied directly.

After the high-temperature heat-treatment, the diffusion-multiple can be cut,
ground, and polished for various local measurements. This enables efficient probing
of corresponding composition-structure-property relationships for the various solid-
solution phases and/or intermetallic compounds. This is significantly more effective
than the conventional one-composition-at-a-time approach. There are a number
of probing methods applicable to localized measurements for diffusion-multiples,
including electron probe microanalysis (EPMA), EBSD, instrumented nanoinden-
tation, and microscale thermal conductivity evaluation. With the capability of
detecting most elements of the periodic table (from Be to U), EPMA [116] can
provide accurate compositional information of the interdiffusion regions. EBSD
[117, 118] can be used to identify the crystal structure of the solid solution
phases and/or intermetallic compounds formed in the diffusion-multiples. In an
experimental EBSD pattern, since phase identification is conducted by a direct
match of the diffraction bands with simulated patterns generated using known
structures and lattice parameters, all known crystal structures in the sample are
required to be considered by EBSD probing. Therefore, EBSD is not applicable
for readily identifying unknown phases or to distinguish between phases with
closely related space group relationships (e.g., an ordered phase from its disordered
parent). Such ordered phases – disordered parent phase pairs – are quite commonly
observed in diffusion-multiple samples of HEAs. In this regard, the combination
of focused ion beam (FIB) and transmission electron microscopy (TEM) is an
applicable approach to overcome this limitation of EBSD characterization. The FIB
technique enables the preparation of site-specific thin foil samples from the regions
of interest in the diffusion-multiple while TEM allows the precise determination of
crystal structures and even some physical and chemical properties of the targeted
region of interest [119, 120]. Therefore, by using EBSD to identify known phases
and a FIB-TEM combination to investigate the unknown phases, most structures in
diffusion-multiples can be identified effectively.

Mechanical, physical, and chemical properties of various solid-solution phases
and/or intermetallic compounds in the diffusion-couples can also be probed by
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microscale techniques such as instrumented nanoindentation, dynamic force mod-
ulation atomic force microscopy (AFM), or the time-domain thermoreflectance
technique. Nanoindentation [121–123] enables efficient hardness measurements of
microscale phases. The composition-structure-hardness relationships obtained for
various phases in the diffusion-couples reflect the solution hardening/strengthening
behavior and, thus, are very useful for the design of novel high-strength HEAs.
Nanoindentation is also suited to measure the reduced elastic modulus of the
materials [121, 124], where “reduced” refers to the fact that a mixed measure
of the intrinsic elastic modulus normalized by the Poisson ratio is retrieved by
indentation. Dynamic force modulation AFM using a nanoindenter tip with a
suitable sensing system is applicable for micro- and nanoscale measurements
of the Young’s modulus with rather high accuracy [125]. Thermal conductivity
measurements at the microscale for identifying and revealing specific phases in
such diffusion-couples can be conducted by using a time-domain thermoreflectance
technique [110, 126]. The probed thermal conductivity data of metallic phases
and/or intermetallic compounds is strongly associated with elemental partitioning,
point defects and ordering, and can be used to guide alloy design toward or
away from specific phase regimes. Additionally, by using the FIB technique
mentioned above, micro- and nanopillars can be prepared and mechanically tested
in situ in scanning electron microscopes (SEM) to obtain compressive strength and
approximate ductility measures of the solid-solution phases and/or intermetallic
compounds in the diffusion-couples, although this is not in all cases very efficient
compared to the RAP technique that uses bulk samples as discussed above. Yet,
pillar probing can be an essential way to identify individual properties of novel
high-component phases that cannot be measured by other means.

The diffusion-multiple technique has proven to be a powerful tool for combina-
torial research and development of multicomponent HEAs. For instance, Wilson et
al. [115] employed the Co-Cr-Fe-Mn-Ni quinary diffusion multiples with a setup
shown in Fig. 9.8c to accelerate alloy development in this HEA system. They
confirmed that a disordered quinary region with FCC structure can be formed in
the diffusion multiple, and the disordered quinary region was examined by using
EDS and nanoindentation. The results revealed that the highest hardness did not
correlate well to the maximum in atomic mismatch, suggesting that the severe lattice
distortion hypothesis is not a predominant factor for the strengthening of the single-
phase solid solution in the Co-Cr-Fe-Mn-Ni HEA system [115].

In principle, all possible compositional variants (i.e., complete composition
libraries) of single-phase regions of a given HEA system could be produced in a
properly constructed diffusion-multiple, although the size of a certain compositional
variant might be too small to be efficiently characterized. It is relatively inexpensive
to make diffusion-multiple samples. Therefore, the diffusion-multiple technique
has some unique advantages. Especially when applied to HEA development when
screening wider composition ranges where multiple phases can occur and where
various properties must be probed, it can be advantageous that small samples suffice.
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9.5.3 Combinatorial Laser Additive Manufacturing
of High-Entropy Alloys

Laser additive manufacturing (LAM) has been employed as an efficient rapid
solidification technique for synthesizing bulk HEAs [42, 127–129]. An important
advantage of LAM is that it also provides the possibility to explore materials that
cannot be cast conventionally, e.g., alloys containing solute ingredients above the
solubility limit or elements that are metallurgically hard to blend for instance due to
vapor pressure limits. This inherent advantage of LAM is due to its rapid melting
and solidification kinetics applied to confined volume regions of the melt pool
exposed to the laser [42, 127–130]. There are mainly two types of LAM approaches
that can be employed in that context, i.e., laser metal deposition (LMD) and selective
laser melting (SLM) [131]. The LMD process has also been referred to as laser
engineered net shaping (LENS). During LMD (Fig. 9.9a), the alloy or premixed

Fig. 9.9 (a) Schematic sketch of the LMD process and its capability for producing multilayered
bulk alloys. During the LMD process, the premixed powders are transferred into the interaction
zone of the laser beam and onto the substrate by injecting them through nozzles with a carrier
plasma gas. All blends can be obtained by fractionized contribution from the feeding powders with
various compositions. Powders are mixed in a separate chamber prior to injection. (b–e) Schematic
sketches show examples of compositionally-graded alloys including HEAs that can be achieved by
the LMD process. The colors in (b–e) refer to alloys of various compositions and blended colors
indicate a transition from one composition to another [22]. (Images reproduced from Ref. [22] with
permission)
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powder blends are transferred into the interaction zone of the laser beam and onto
the substrate by injecting them through nozzles with a carrier gas (e.g., Ar). In the
SLM process [129, 132], a laser beam is scanning over a powder layer, melting
it locally. A fresh powder layer bed is applied after each areal laser scan, and the
process is then repeated after the respective 2D layered portion of the shape of
the part has been built stepwise in the preceding layers. Both the various types of
LMD and SLM methods have been used to produce bulk HEAs [128, 129]. For
instance, Joseph et al. [128] fabricated bulk AlxCoCrFeNi alloys (x = 0.3, 0.6 and
0.85 M fraction) HEAs by utilizing an LMD process, in this case referred to as direct
laser fabrication in Ref. [128], from simple elemental powder blends. The resultant
alloys showed indeed similar mechanical properties as the reference specimens
that had been prepared via conventional arc-melting and solidification. Brif et al.
[129] investigated the four-component equiatomic FeCoCrNi HEA prepared by
SLM from a prealloyed and gas-atomized powder. The produced alloy showed
significantly enhanced yield and ultimate tensile strengths compared to reference
material that had been produced by conventional casting. This effect was attributed
to the fine microstructure of the single-phase FCC solid solution obtained by laser
melting and the associated rapid solidification.

Other than the ability of efficiently synthesizing bulk HEAs with uniform
chemical composition across a single part as discussed above, LAM can also be
used to produce compositionally graded metal alloys, which renders it a powerful
combinatorial approach for rapid alloy development [130, 132–134]. In regard to
the above-introduced two types of LAM methods, LMD is an ideal technique for
building up compositionally graded materials and in situ synthesis of new materials,
while the SLM is generally less suited to fabricate samples with compositional
gradients as the process requires a homogeneous powder bed [130, 132]. The
current commercial LMD systems can be installed with four or more different
feedstock nozzles to deliver powders with varying compositions to the laser, which
allows for a nearly infinite combination of compositional gradients [130]. Figure
9.9b–e shows the schematic sketches of four different compositionally graded
alloys including HEAs that can be efficiently synthesized with the aid of the
LMD process. The compositionally graded part can be designed to include large
compositional steps (Fig. 9.9b), and it can also contain smoothly graded transitions
from one composition to another (Fig. 9.9c–d) [130]. Metal-matrix-composites, e.g.,
nanoparticle-reinforced HEA-based materials, with a gradient in particle density
and with a composition gradient in the matrix can be fabricated by LMD, as
schematically illustrated in Fig. 9.9e. This can be realized when one of the powders
being transferred into the laser has a significantly higher melting temperature than
the others. Then, the high melting particles are prevented from prealloying with
lower melting point powders [130].

Fabricating compositionally graded parts via laser deposition has been shown
as an attractive approach to systematically screen the influence of compositional
changes on microstructural evolution and associated physical and mechanical
properties of HEAs. For instance, Borkar et al. [133] studied compositionally graded
AlxCrCuFeNi2 (0 < x < 1.5) HEAs (referred to as complex concentrated alloys in
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[133]) produced by laser deposition (referred to as laser engineered net shaping
process in [133]) from elemental powder blends. They found that the microstructure
of the HEAs gradually changes from a FCC matrix containing an ordered L12
phase to a BCC matrix containing an ordered B2 phase [133]. Moreover, the
microhardness gradually increases with the increase of the Al content, while the
saturation magnetization and coercivity increases and reaches a maximum value
when x = 1.3 [133]. These findings demonstrated that compositional gradients
prepared by laser deposition synthesis methods provide a powerful combinatorial
approach for probing composition-microstructure-properties relationships in HEAs.

The number of compositional variants that is accessible in compositionally
graded HEA samples produced by combinatorial laser deposition process is huge.
The process is associated with relatively high costs, particularly due to the require-
ment of feeding large amounts of expensive powders. Many of these powders
need to be carefully and cleanly prealloyed and produced by established power
metallurgical methods. The characterization techniques applicable to diffusion-
multiple samples discussed above can be employed also for laser-deposited graded
samples. The combinatorial laser deposition process can be used to tap novel HEAs
that cannot be cast conventionally, such as those containing solute contents far
above the solubility limit, as the laser process involves rapid solidification. This is
particularly relevant to HEAs since rapid solidification reduces segregation in such
multiple principal element systems.

9.5.4 Combinatorial Thin-Film Synthesis of High-Entropy
Alloys

Alloy design can be accelerated by combinatorial thin-film synthesis for the efficient
and fast exploration of wide compositional ranges. Functional materials that are
in some cases less dependent on details of the microstructure and texture such as
certain shape memory alloys can be developed by this method by searching for
suitable crystal structures [135]. This high efficiency is due to the fact that for several
functional materials, the intrinsic material characteristics such as reversibility of
phase transformations [135] are essentially dependent on the chemical composition,
with much less significant dependence on grain size, dislocation content, and
sample dimensions. Whereas the exploration of compositional and crystal structure
phase space is well addressed by the thin-film combinatorial approach, it is
currently investigated how this approach can be extended to include also effects
of microstructure, e.g., by using step heaters for the systematic variation of thin film
microstructures [136].

The combinatorial methodology applied to thin-film growth consists of form-
ing controlled composition gradients from multiple physical deposition sources,
most often magnetron sputter sources because of their broad applicability [137].
The result is a materials library comprised of smoothly varying mixtures of the
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source materials that are characterized by high-throughput methods to identify
the optimum composition or composition ranges for one or multiple properties of
interest. Because all compositions in a library have been formed at the same time,
with the same conditions and can be further processed together (e.g., annealing,
environmental exposure), many sources of sample-to-sample variability can be
eliminated, clarifying investigations of cause and effect. Additionally, properties
that may reach a narrow maximum or only occur in a very restricted composition
range can be investigated.

Several approaches to constructing combinatorial libraries by independently
varying the individual constituent elements can be used, all based on magnetron
sputtering. (1) Codeposition from cathodes that are tilted with respect to the
substrate plane results in wedge-shaped nanoscale thin films that are thickest from
the geometrically closest edge of the substrate to thinnest at the farthest edge [138].
Multiple cathodes evenly distributed around the center of a substrate (3 cathodes:
120◦ separation, 4 cathodes: 90◦ separation, 5 cathodes: 72◦ separation) each
produce such a wedge, with the resulting composition at any point on the substrate
being the sum of the material arriving from each cathode. Cosputtered films are
atom-scale mixtures of the materials that are often subsequently annealed to form
thermodynamically stable phases and reduce defects. (2) When the sputtering
cathode is directly opposite to the substrate, a blade shutter positioned parallel to the
substrate surface can be moved during the deposition to produce a thickness wedge.
Next by rotating the substrate and moving a different target material into position,
a controlled series of wedges can be grown. The wedges are typically 10 or 20 nm
at the thickest end, and the complete multilayer stack can be repeated many times.
With suitable subsequent annealing the multilayers can be compositionally mixed
to produce a combinatorial library. (3) A hybrid of these two approaches can be
made when the substrate is rotated past several opposed targets, with additional 90◦
substrate rotation steps in combination with deposition profile-shaping apertures
[139]. With typical deposition rates, the net result is a film built up of multilayer
gradients that are individually generally less than 1 nm thick through much of
their length. Thus, while material is not being cosputtered, neither is the material
deposited by a single rotation past a single target truly a well-defined layer, resulting
in a hybrid between the cosputtered and multilayer approaches.

For HEAs with multiple principal elements, it eventually happens that the
number of constituent elements desired exceeds the number of cathodes available.
Increasing the number of confocal cathodes requires increasing the diameter of the
circle on which they are situated and increasing the cathode center to substrate
center distance, with the consequent problems of larger vacuum chamber sizes and
longer target to substrate distances. Alternatively, decreasing the individual cath-
ode’s diameter leads to physically smaller combinatorial libraries having steeper
composition gradients in turn making it often difficult to measure and characterize
distinct, individual alloy compositions. These issues can be addressed by using
homogeneously mixed, multiple-element targets that are confocally cosputtered
with other mixed or elemental targets. Or, a single target can be made of separate
material segments [140], yielding a combinatorial library after sputtering. However,
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in order to deposit different composition-spread ranges, custom targets of the
appropriate composition need to be fabricated. Since the as-deposited element
compositions are in general not identical to the target composition and can change
as the target is used, the added complexity limits the versatility of this approach.

The combinatorial thin-film materials library approach is not only dependent
upon subsequent high-throughput measurement and characterization of individual
composition points; it is also highly conducive to this by having regular, designed
gradients organized on a common substrate. As long as the library is kept together
on this substrate, all sample areas experience the same environments during postde-
position handling as they similarly did during any pretreatments and during the thin
film growth itself. Additionally, characterization instruments need only similarly
sized programmable x-y translation tables and a common measurement grid to yield
data sets that can be directly compared, combined, and archived. Physical properties
such as thickness measurement by scanning needle profilometry or confocal laser
microscopy, elemental composition mapping by EDS, phase mapping by XRD,
surface structures characterization by SEM, and scanning probe microscopy (SPM)
are all automated for data collection. More recently, thin film chemical properties
can be measured by automated scanning X-ray photoelectron spectroscopy (XPS)
[141] and (photo)electrochemical scanning droplet cell techniques [142]. Further
examples are mechanical property screening by automated nanoindentation [143],
magnetic properties by the magneto-optical Kerr effect (MOKE) [144], and optical
properties by photostand [145].

Combinatorial libraries are particularly useful in refining and verifying predic-
tions made by theoretical calculations and are suitable for designing novel HEAs
[146]. Sputtered thin films, particularly when codeposited from elemental sources
with the arriving elements being mixed on the atomic scale, provide a time-
and effort-efficient alternative to the homogenization steps needed for bulk HEA
manufacture such as by arc-melting [147].

9.6 Microstructure and Properties of Fe-rich
High-Entropy Alloys

As introduced above, various Fe-rich HEAs can be prepared and charac-
terized by multiple techniques [21]. Similar to the single-phase equiatomic
Co20Cr20Fe20Mn20Ni20 alloy, the Fe-rich single-phase nonequiatomic
Fe40Mn27Ni26Co5Cr2 [11] and Fe40Mn40Co10Cr10 [12] alloys can also form a
fully recrystallized microstructure containing a high amount of annealing twins
in equiaxed matrix grains with uniformly distributed elements via appropriate
processing routes. When shifting the single-phase nonequiatomic HEAs to dual-
phase (DP) nonequiatomic HEAs and further to iHEAs, the complexity of the
microstructures gradually increases.



412 F. Körmann et al.

Fig. 9.10 Typical microstructures of the Fe-rich Fe50Mn30Co10Cr10 and Fe49.5Mn30Co10Cr10C0.5
alloys after recrystallization annealing of 3 min [21]. (a1) is an EBSD phase map and (a2) is
an ECC image of the DP Fe50Mn30Co10Cr10 alloy. (b1), (b2), (b3), (b4), (b5), and (b6) are an
EBSD phase map, ECC image, APT tip reconstruction, elemental profiles across an interface
of matrix and carbide, TEM bright-field image, and selected area diffraction pattern of the
interstitial Fe49.5Mn30Co10Cr10C0.5 alloy, respectively. The diffraction spots marked by red circles
in (b6) show the FCC structure of the M23C6 carbides. (Images reproduced from Ref. [21] with
permission)

Figure 9.10 shows the typical microstructures of the Fe-rich nonequiatomic
Fe50Mn30Co10Cr10 TRIP-DP-HEA [4, 13] and Fe49.5Mn30Co10Cr10C0.5 TRIP-
TWIP-HEA [25] revealed by EBSD, electron channeling contrast (ECC) imaging,
atom probe tomography (APT), and TEM techniques. The TRIP-DP-HEA consists
of two phases, namely, FCC γ matrix and HCP ε phase (Fig. 9.10a1). The HCP ε

phase is formed within the FCC γ matrix and mainly exhibits laminate morphology
(Fig. 9.10a1–2). Annealing twins, stacking faults, and dislocations are presented also
in the FCC γ matrix in a recrystallized state [4, 13]. With the addition of C, the
fraction of HCP ε phase in the iHEA is significantly reduced after annealing (Fig.
9.10b1) compared to the reference alloy without C (Fig. 9.10a1). This is due to
the slight increase of the stacking fault energy and the corresponding higher FCC
phase stability through the addition of C. A high density of annealing twins can also
be observed in the interstitially alloyed HEA in the annealed state (Fig. 9.10b1).
Furthermore, particles with an average size of 50 ~ 100 nm and a volume fraction of
~1.5 vol. % are observed (Fig. 9.10b2–6). The particles are determined to be M23C6
carbides with M = Cr, Mn, Fe, and Co (APT: Fig. 9.10b3–4) with an M23C6 FCC
lattice parameter that is three times that of the FCC γ matrix (TEM: Fig. 9.10b5–6)
with a strong orientation relationship.

Figure 9.11 summarizes the ultimate tensile strength and total elongation data
obtained from the various Fe-rich transition metal HEAs. The homogenized single-
phase nonequiatomic Fe40Mn27Ni26Co5Cr2 (#1) [11] alloy shows a slightly lower



9 Iron-rich High Entropy Alloys 413

Fig. 9.11 Overview of the ultimate tensile strength and total engineering elongation obtained
from the various nonequiatomic high-entropy alloys. For comparison, the data of the equiatomic
Co20Cr20Fe20Mn20Ni20 alloy (#2) are also shown here. All the alloys were produced with similar
processing routes shown in Fig. 9.7 to have full control of the experimental setup. All these data
stem from uniaxial tensile tests conducted on bulk samples with identical dimensions at room
temperature with a strain rate of 1 × 10−3 s−1 [21]. For CALPHAD-predicted phase fractions for
alloys #2, #4, #7, and #8, see Fig. 9.5. (Image reproduced from Ref. [21] with permission)

(by ~20 MPa) ultimate strength and slightly lower (by ~3%) total elongation com-
pared to the homogenized single-phase equiatomic Co20Cr20Fe20Mn20Ni20 alloy
(#2) [24] even though the former one has a finer grain size (35 μm vs. 140 μm). The
trend is similar for the homogenized nonequiatomic Fe35Mn45Co10Cr10 alloy (#3).
One of the key mechanisms behind this trend is that twinning can occur in the single-
phase equiatomic Co20Cr20Fe20Mn20Ni20 alloy to a certain extent while mere
dislocation hardening prevails in the nonequiatomic Fe40Mn27Ni26Co5Cr2 (#1) [11]
and Fe35Mn45Co10Cr10 (#3) alloys upon tensile deformation at room temperature.
Interestingly, the homogenized single-phase nonequiatomic Fe40Mn40Co10Cr10
alloy (#4) shows a significantly higher (by ~95 MPa) ultimate strength compared
to the equiatomic alloy (#2) due to more intense twinning activity [12]. Along
with the alloy design strategies explained above, the newly designed quinary TRIP-
DP Co20Cr20Fe34Mn20Ni6 alloy (#5) [24] has a further enhanced ultimate strength
compared to the TWIP-assisted Fe40Mn40Co10Cr10 alloy (#4).

Furthermore, the homogenized DP nonequiatomic Fe50Mn30Co10Cr10 alloy
(Fig. 9.11; #6) shows a much higher ultimate strength compared to the various
single-phase alloys (#1–4) and the DP Co20Cr20Fe34Mn20Ni6 alloy (#5), while
maintaining a total elongation above 50%. Interestingly, the alloy with the same
composition but refined FCC matrix grains (#7) exhibits further significant increase
of both strength and ductility. This is ascribed to the substantially improved work-
hardening ability of the alloy due to the well-tuned phase stability via adjustment of
grain size and phase fractions [4, 13]. With the addition of the interstitial element
carbon into the DP microstructure, the grain-refined Fe49.5Mn30Co10Cr10C0.5 alloy



414 F. Körmann et al.

(#8) shows a further increased ultimate strength up to nearly 1 GPa with a total
elongation of ~60%. These superior mechanical properties are attributed to the
joint activity of various strengthening mechanisms including interstitial and sub-
stitutional solid solution strengthening, TWIP, TRIP, nanoprecipitates, dislocation
interactions, stacking faults, and grain boundaries [25].

The mechanisms responsible for the above microstructure-property relations
in various iron-rich HEAs can be further explained as follows. Comparing the
single-phase Fe40Mn27Ni26Co5Cr2 and Fe35Mn45Co10Cr10 alloys with the single-
phase Co20Cr20Fe20Mn20Ni20 and Fe40Mn40Co10Cr10 alloys, a TWIP effect
has been introduced. Then the presence of phase boundaries (DP structure)
and the TRIP effect have been included into the DP Co20Cr20Fe34Mn20Ni6 and
Fe50Mn30Co10Cr10 alloys. Next, in the carbon-containing Fe49.5Mn30Co10Cr10C0.5
alloy, interstitial solid solution and nanoprecipitate strengthening effects have been
additionally utilized, thereby unifying all known strengthening mechanisms in
one material. Indeed, the multiple deformation mechanisms enable a significant
improvement of the strain-hardening capacity and strength-ductility combinations.
This clearly shows that tuning deformation mechanisms via the adjustment of
composition is key to the design of strong and ductile HEAs. Therefore, it is
suggested that the introduction of multiple deformation mechanisms that are
activated gradually or, respectively, sequentially during mechanical and/or thermal
loading is a future key route for the development of new HEAs with superior
mechanical properties.

9.7 Summary and Outlook

The most extensively studied HEA family, those based on the 3d transition
metals including Fe-rich alloys, exhibits a broad spectrum of microstructures and
mechanical behaviors. To design strong and ductile HEAs, the intrinsic stacking
fault energies and/or the free energy differences between the FCC and BCC
phases for various compositions can be probed in an effort to tune the phase
stabilities by adjusting the compositions. Advances in parameter-free ab initio
thermodynamic calculations allow efficient screening of the large compositional
space for such promising alloys. Various techniques have been discussed, and it
has been shown that a combined strategy of employing state-of-the-art simulation
methods with advanced experimental processing and characterization techniques
is a powerful approach for designing and realizing new alloys. Proper processing
routes toward homogeneous solid solutions with multiple principal elements and
with appropriate grain sizes are important also for achieving the targeted strength-
ductility combinations.

Although outstanding strength and ductility have been achieved already in
several transition metal HEAs, e.g., in the TWIP-TRIP-HEAs where an ultimate
tensile strength of ~1 GPa combined with a total elongation of ~60% was reached
at room temperature, further research on simultaneously strong and ductile HEAs
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still has a high potential. A number of research and development opportunities,
which can be addressed by a similar combined simulation/experimental approach,
are discussed below.

1. The strength and ductility of many HEAs at low and at elevated temperatures
remain unknown. There is great potential for developing new HEAs with
excellent strength-ductility combinations at low and elevated temperatures.

2. For widely studied transition metal HEAs with good strength-ductility combi-
nations, other properties such as the resistance to hydrogen-induced degradation
[148, 149], corrosion resistance, fatigue behavior, and magnetic performance can
be explored also in an effort to find superior combinations of properties, i.e.,
multifunctionalities, to justify their relatively high cost compared to established
high-strength and austenitic stainless steels. Moreover, following the design
approach associated with the stacking fault energies and/or the near equivalence
of FCC-BCC free energies, a shape memory effect could be introduced into
nonequiatomic HEAs.

3. Other than the 3d transition metal family, HEAs containing refractory elements
such as Ti, Nb, Ta, Zr, Hf, V, Mo, and W [150] can be developed for
high-performance refractory HEAs applied as high-temperature load-bearing
structures in the aerospace industry.

4. Considerable research work can also be conducted to screen the effects associ-
ated with different minor interstitial element fractions (e.g., C, N, B, O, etc.)
to further improve the performance of the various HEAs and understand the
corresponding mechanisms.

5. The current iron-rich high-performance TWIP-TRIP-HEAs contain significant
amounts of Co. If Co can be substituted for lower cost alloying elements, the
range of applications might be much expanded.
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Chapter 10
Iron-Based Intermetallics

Martin Palm and Frank Stein

Abbreviations and Symbols

a0 Lattice constant a
A2 Strukturbericht symbol
AIM Air induction melting
at.% Atom percent
B2 Strukturbericht symbol
B20 Strukturbericht symbol
BDTT Brittle-to-ductile transition temperature
b.c.c. Body-centered cubic
◦C Degrees centigrade
cm Centimeter
cP8 Pearson symbol
CVD Chemical vapor deposition
D88 Strukturbericht symbol
D03 Strukturbericht symbol
ε̇ Strain rate
ECorr corrosion potential
ESR Electroslag remelting
f.c.c. Face-centered cubic
g Gram
GPa Gigapascal
h Hour
hcp Hexagonal close-packed
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hP6 Pearson symbol
hP16 Pearson symbol
HCF High-cycle fatigue
kp Parabolic rate constant
L21 Strukturbericht symbol
LMD Laser metal deposition
m Meter
μB Bohr magneton
MPa Megapascal
μm Micron meter
oC48 Pearson symbol
� Ohm
ORNL Oak Ridge National Laboratories
s Second
σ 0.2 0.2% yield stress
SCE Saturated calomel electrode
SOFC Solid oxide fuel cell
TC Curie temperature
TCP Topological close-packed
tP3 Pearson symbol
TRIP Transformation-induced plasticity
TRW Inc. Thompson Ramo Wooldridge Incorporated
US United States
V Voltage
VIM Vacuum induction melting
vol.% Volume percent
wt.% Weight percent
YSA Yield stress anomaly

10.1 Introduction

Intermetallic phases – commonly abbreviated as intermetallics – are phases which
have different crystallographic structures than the elements they constitute of [1].
They can appear as precipitates, e.g., Laves, μ, or σ phase in steels, or form the
base material like FeAl and Fe3Al in iron aluminide-based alloys or Fe3Si in Fe–
Si alloys. The ordered intermetallic phases are usually rather strong, and many of
them are stable up to high temperatures. Therefore, they have been considered as
strengthening precipitates since long.

The most prominent example of precipitation hardening of steels by intermetallic
phases are classical maraging steels. In these low-carbon steels with Ni contents
of about 12–25 wt.% and additions of Ti, Al, Nb, Mo, Co etc., finely distributed
intermetallic phases are precipitated when martensite transforms to austenite during
aging (maraging) at 400–500 ◦C [2, 3]. Which intermetallic phases form depends
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on alloy composition, temperature, and time of maraging. Besides (Ni,Fe)Al, Ni3Ti,
Ni3Mo, and NiTi, the σ-phase FeMo and the Laves phases Fe2Ti and Fe2Mo are
frequently observed intermetallic precipitates. The fine intermetallic precipitates
effectively hinder the movement of dislocations. The resulting high-strength steels
are, e.g., used as tool steels for application at high temperature. More recently, the
concept of maraging has been transferred to other steels and combined with the
transformation-induced plasticity (TRIP) effect [4]. On the other hand, Laves and
σ-phases have been considered as detrimental in steels and superalloys because they
may cause grain boundary embrittlement [5–7] and a loss in creep strength after
prolonged service [8].

This chapter focuses on ferrous materials that are based on intermetallics, i.e.,
iron aluminides and iron silicides, as well as ferrous materials which gain there
properties from specific microstructures achieved by intermetallic phases.

10.2 Iron Aluminides

Alloys based on the phases Fe3Al and FeAl are lightweight (densities 5.7–
6.7 g/cm3) Fe-based materials with high wear resistance and excellent corrosion
resistance. For applications, alloys in the composition range between about 15 and
40 at.% Al (8–24.5 wt.% Al) are of specific interest. The lower value corresponds
to the Al content necessary to form protective Al2O3 scales; above the upper value
the alloys become inherently brittle. Already around 1900 it was recognized that
Fe becomes wear and oxidation resistant by alloying with Al. From the 1940s
onward, numerous alloy developments were carried out, however usually with the
outcome that brittleness and insufficient strength at high temperatures precluded
their industrial application. New alloy concepts and economic pressure to minimize
the use of strategic elements have revived industrial interest in these alloys in recent
years [9].

10.2.1 Phases and Phase Diagram

Figure 10.1 shows the Fe–Al phase diagram. The liquidus temperatures in the Fe–Al
system were established in 1908 and the outline of the phase equilibria by 1930, and
then the first compendium on binary phase diagrams already contained a version,
which was close to the present one [10]. The system contains six intermetallic
phases in all. The three Al-rich phases FeAl2, Fe2Al5, and Fe4Al13 all have low-
symmetrical crystal structures, which make them rather brittle. They have only
limited homogeneity ranges and melting temperatures between 1150 and 1158 ◦C.
The phase Fe5Al8 is only stable above 1095 ◦C and decomposes eutectoidally even
during quenching.
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Fig. 10.1 Fe–Al phase diagram constructed on the basis of [11] with changes in the Al-rich part
according to [12]

In view of structural applications, the two Fe-rich phases Fe3Al and FeAl are
of interest. The cubic D03-ordered phase Fe3Al is stable between about 23 and
36 at.% Al and up to a temperature of 545 ◦C. B2-ordered FeAl is also cubic.
It has a wide homogeneity range between 23 and 53 at.% Al and is stable up
to 1318 ◦C. On heating, Fe3Al transforms to FeAl by a second-order transition.
Alloys of up to 45 at.% Al transform from FeAl to disordered cubic (αFe), and the
transition temperatures increase markedly with increasing Al content. On cooling
both transformations cannot be suppressed by quenching.

10.2.2 Alloy Developments

The first reports about “aluminum steels” and Al in cast iron date from 1890 [13,
14]. By the 1930s patented alloys exited in Russia (Cugal) and in Britain [15,
16]. The first better documented alloy developments are Alfenol and Thermenol
by the US Naval Ordnance Laboratory and Pyroferal in former Czechoslovakia in
the 1950s. Alfenol was originally developed for magnetic applications. The binary
alloy contained 28.3 at.% Al (16 wt.%) of which strips and tapes were produced
by hot and cold rolling [17]. Thermenol is a Fe–Al–Mo-based alloy designed
for high-temperature use, e.g., for jet engine compressor blades [18]. Both alloy
developments were continued at the Ford Motor Company in conjunction with the
Wright Air Development Center and resulted in the production and testing of a
number of parts, e.g., heat treatment boxes and a turbine exhaust cone [19–21].
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Other alloy developments at this time in the USA to note are “DB-2” a Fe–Al–
Cr–Nb–Zr-based alloy at The Martin Company and Fe–Cr–Al alloys at the Battelle
Memorial Institute [22, 23]. Pyroferal is a Fe–Al–C-based alloy, with an Al content
of 44.5–46.5 at.%, from which various cast parts for use in industrial furnaces
were produced on a larger scale [24, 25]. Thermagal denotes a series of Fe–Al–
C-based alloys developed in the 1960s in France and was used to produce a large
variety of parts, e.g., crucibles, apparatuses for chemical industries, parts for mineral
crushers, heating elements, permanent magnets, etc. [26]. Activities on Alfenol
and specifically Thermenol were continued until the early 1970s under contract
of the Office for Saline Water in search for corrosion-resistant tubes for seawater
desalinization [27]. Pratt & Whitney and TRW Inc. under contract of the Air Force
Wright Aeronautical Laboratories investigated the potential of Fe–Al alloys for
application in aircraft engines in the 1980s [28, 29].

The alloy developments pursued at Oak Ridge National Laboratories (ORNL)
are most prominent. Already involved in the study of dispersion-strengthened iron
aluminides in 1960 [30], ORNL started large-scale activities on the development
of iron aluminide-based alloys in the mid-1980s within the Fossil Energy Materials
Program of the US Department of Energy. Series of alloys termed FA, FAL, FAS,
etc. were developed and extensively characterized, and processing was studied in
detail involving numerous industries. The work yielded a substantial understanding
of iron aluminide alloys and is well documented in the Proceedings of the Annual
Conference on Fossil Energy Materials and a number of review papers [31–35].

Other more recent activities to note are the development of the Al-rich oxide
dispersion-strengthened alloy Grade 3 in France [36] and Fe–Al–C-based alloys
in India at the Defense Metallurgical Research Laboratory [37, 38]. Also at the
authors’ institution, research on iron aluminides has a long tradition. Currently, at
authors’ institution alloys are developed using a variety of alloying concepts, and
their processing and behavior under application conditions is studied in cooperation
with industry [39].

10.2.3 Peculiar Features of Iron Aluminides

Iron aluminides show three peculiar features: unusual high vacancy concentrations,
a yield stress anomaly (YSA) and environmental embrittlement. As all of them
strongly influence the mechanical behavior, understanding these features is essential
to assess the mechanical behavior of iron aluminide alloys.

FeAl and Fe3Al both have low enthalpies for the formation of constitutional
vacancies and therefore can contain up to 2 vol.% of vacancies at room temperature
[40, 41]. The quenched-in vacancies have a strong hardening effect by lowering
the mobility of dislocations, and therefore the yield strength at room temperature
for a given alloy can vary by two to five times in dependence on the vacancy
concentration [42, 43]. As the amount of quenched-in vacancies increases with
increasing cooling rate, processing has a marked influence on the yield strength.
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Fig. 10.2 Tensile or compressive σ 0.2 yield stress of binary Fe–Al with 26–28 at.% Al at a strain
rate of ε̇ = 1 × 10−4 s−1. In the orange shaded area, the yield strength is dominated by quenched-
in vacancies: high vacancy concentration after rapid cooling after laser metal deposition (LMD),
intermediate vacancy concentration after moderate cooling during casting, and minimum vacancy
concentration after annealing at 400 ◦C for 672 h. The blue shaded area denotes the temperature
range where the yield stress is affected by the yield stress anomaly (YSA), where the blue arrow
indicates the dependence of the YSA on deformation rate. (Figure taken from Ref. [9])

A minimum of quenched-in vacancies can be attained by annealing at 400 ◦C for
100 h [44]. Figure 10.2 shows the influence of varying vacancy concentrations on
the σ0.2 yield stress of binary Fe–Al.

Between about 400 ◦C and 600 ◦C, iron aluminide-based alloys show an increase
of the yield strength with increasing temperature, a feature not unusual for ordered
intermetallic phases (Fig. 10.2). As the yield strength is expected to decrease with
increasing temperature, this phenomenon has been termed yield stress anomaly
(YSA). In the case of the iron aluminides, the YSA is caused by a change in
the dislocation structure at these temperatures, decomposition of superdislocations
creating local pinning points, and interaction of the debris with quenched-in
vacancies [45–50]. The YSA is strongly strain rate dependent, decreasing with
decreasing strain rate and vanishing at strain rates below 1 × 10−7 s−1 [51, 52]
(Fig. 10.2). The practical implications are that the YSA makes hot forming between
400 and 600 ◦C difficult while it does not contribute to strengthening during creep.
It is also noted that the actual yield strength at the maximum of the YSA and the
temperature where this maximum occurs can be markedly influenced by alloying.
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Fig. 10.3 Tensile yield stress of binary Fe–Al in different test environments. (Reproduction of the
classic experiments by C.T. Liu et al. as shown in Ref. [31])

Fe3Al- and FeAl-based alloys usually show a limited ductility of 2–4% total
elongation at room temperature, which is still not bad compared to other inter-
metallic phases. Both phases are ductile when tested in hydrogen-free environments
but fail in a brittle manner in the presence of moisture or hydrogen (Fig. 10.3).
This phenomenon is termed environmental embrittlement and is caused by an
embrittlement of crack tips by hydrogen, which is produced by the reaction
3H2O + 2Al3+ ↔ 6H+ + Al2O3 [53, 54]. A detailed review on the topic is given
by Zamanzade and Barnoush [55].

10.2.4 Strength, Ductility, Fatigue, Wear, and Erosion

Lack in strength at high temperatures has been the main obstacle for a wider use of
iron aluminides. Therefore a substantial part of the research on iron aluminides has
been devoted to evaluate different strengthening mechanisms [56–61].

Binary Fe–Al alloys lose their strength when Fe3Al transforms to FeAl, i.e., at
545 ◦C at the latest. Solid solution hardening by a third element is well possible as
many elements have a large solid solubility in Fe3Al and FeAl. By solid solution
hardening, the yield strength can be markedly raised, e.g., by alloying with 4 at.%
V, Ti, or Mo, the yield strength can be increased from about 20 MPa to about 95–
115 MPa at 800 ◦C [61] (Fig. 10.4).

In analogy to steels, much work has been devoted to strengthen iron aluminide-
based alloys by carbide precipitates. However, no substantial strengthening has been
achieved. For Fe–Al–C alloys containing Fe3AlC precipitates, the yield strength
drops markedly above 600 ◦C and equals that of a precipitate-free alloy of same Al
content at 800 ◦C [64, 65] (Fig. 10.4). Fe–Al–X–C alloys with different carbide
precipitates and additional solid solution hardening of the matrix show a less
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Fig. 10.4 Compressive yield strength at 800 ◦C of iron aluminide alloys containing 23–28 at.%
Al and strengthened by different mechanisms (strain rate ε̇ = 1 × 10−4 s−1). Temperatures given
in red indicate brittle-to-ductile transition temperatures. (Data from Refs. [61–74])

pronounced decrease of the yield strength above 600 ◦C, but with about 110 MPa,
they only show about the same strength as solid solution hardened alloys [65] (Fig.
10.4). Analysis of published data shows that carbides have a limited strengthening
effect above 600 ◦C and no effect at 800 ◦C. Reasons are difficulties to attain an
even distribution of fine carbide precipitates, which effectively hinder dislocation
movement and rapid coarsening of carbides at high temperatures.

Borides have about the same limited strengthening effect as carbides, but they
may form finer precipitates, which do not coarsen at high temperatures [75] (Fig.
10.4). Precipitation hardening by another intermetallic phase is also possible,
specifically by Laves phases, as in many Fe–Al–X systems, respective phase
equilibria between Fe3Al or FeAl and a Laves phase exist [61]. As Laves phases
have a much higher strength than the iron aluminides, strengthening will depend on
the volume fraction of the precipitates. Though this would yield in principle very
strong alloys, again generation of fine and evenly distributed precipitates is very
difficult, and respective alloys are therefore rather brittle [76]. However, in a few Fe–
Al–X systems, the precipitated Laves phase forms a film on the iron aluminide grain
boundaries, and such alloys show an appreciable strength [77]; see Sect. 10.5. For
strengthening by the formation of coherent microstructures involving α-Fe, FeAl,
and Fe3Al/Fe2XAl, see Sect. 10.4.
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Iron aluminides lose their strength when f.c.c. Fe3Al transforms to b.c.c. FeAl;
therefore stabilizing the f.c.c. structure at higher temperatures by alloying is another
viable method to increase their strength. Actually the transition temperature can be
raised substantially by a number of elements, most prominently by Ti up to 1212 ◦C
[78]. Respective alloys can have a yield strength of about 400 MPa at 800 ◦C but
are also rather brittle [68] (Fig. 10.4).

With respect to creep resistance, the various strengthening concepts are as
effective as for increasing the yield strength. Compared to the advanced Cr-
containing steel P92, iron aluminide-based alloys containing carbide or boride
precipitates show an inferior creep resistance at 650 ◦C, while those strengthened
by coherent precipitates or those with Fe2XAl matrix can have substantially higher
creep resistance [39].

As for other materials, strengthening of iron aluminide-based materials in most
cases reduces the limited ductility even more [79]. While the change from brittle to
ductile behavior for binary Fe3Al and FeAl gradually takes place until about 100 ◦C
where the alloys are ductile, ternary and higher-order alloys usually show a marked
brittle-to-ductile transition temperature (BDTT), which can be higher than 800 ◦C
[39] (Fig. 10.4). Until today, no general principle for increasing the ductility of iron
aluminide-based materials has been found. Reduction of the grain size below about
10 μm, optimizing the Al content, and alloying with boron for a better cohesion
of the grain boundaries and with chromium to reduce the effect of environmental
embrittlement have been suggested for maintaining or even improving ductility [31,
60, 80, 81]. However, none of these methods is without exemption, and their effects
are limited.

As iron aluminides show rather quick coarsening at elevated temperatures,
control of the grain size, e.g., by precipitates at the grain boundaries, is important. It
has also been shown that thermomechanical processing can increase the ductility
compared to their as-cast counterparts. Minimizing the amount of quenched-in
vacancies may also enhance ductility. Still ductility may be limited to 2–4%, but
this has proven to be sufficient for many applications.

Comparable few data are available for fatigue of iron aluminides, and as these
data have been obtained on a variety of alloys and by different tests, general trends
are difficult to identify [82]. Studies of the fatigue crack growth in Fe3Al- and
FeAl-based alloys revealed that environmental embrittlement by moist air again has
a major effect, though no straightforward relation between ductility under static
loading and cyclic loading has been found [83, 84]. Other observations were that
alloys with coherent (αFe) + Fe3Al microstructures showed a higher resistance
against high-cycle fatigue (HCF) than single-phase Fe3Al, and it was found that the
anomalous strengthening in the temperature range of the YSA does not necessarily
result in an increased fatigue life [85, 86].

Iron aluminides possess a good to excellent wear resistance, and, therefore, quite
a number of investigations have been performed [87, 88]. In view of the variety of
test methods, test conditions, and tested alloys, it is again difficult to find general
trends.
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Because of their good wear resistance, iron aluminides have not only been
explored as bulk alloys but also as coatings, as binder for cemented hard phases, or
as hard phase in a ductile binder. Wear resistance increases with increasing hardness,
which increases with the Al content in binary Fe–Al alloys, by the formation of
an Al2O3 oxide scale, through alloying, or by addition of a hard second phase.
The beneficial effect of an oxide scale in improving wear by reducing scuffing
has been attributed to its higher hardness and the ceramic nature of the scale [89].
Environmental embrittlement again may have some influence, because a decrease
in wear resistance has been observed during wet abrasion [90].

The erosion behavior of iron aluminide alloys and cermets shows a ductile
behavior [91]. The erosion resistance increases with increasing Al content, which is
explained by an increase of strain hardening rates, leading to rapid work hardening
of the surface, which limits deformation to a shallow region [91]. Specifically at high
temperatures in oxidizing atmospheres, the erosion behavior of an iron aluminide
can be favorable compared to steel [88].

10.2.5 Corrosion

The outstanding corrosion resistance of Fe3Al and FeAl is related to their ability
to readily form passive layers or thin and adherent oxides scales, for which,
depending on environmental conditions, a minimum of 15–18 at.% Al is necessary
(Fig. 10.5). Specifically in oxidizing atmospheres, they form Al2O3 scales which
have parabolic rate constants up to two magnitudes lower than for Cr2O3-forming
alloys, and, therefore, Fe3Al and FeAl show a better oxidation resistance in many
environments [56, 92–94]. Al2O3 scales are also protective in many other corrosive
environments. For example, resistance against metal dusting, i.e., disintegration
of Fe-based materials due to carburization, can be markedly improved [95, 96].
For protection in nonoxidizing environments, the scale can be generated by pre-
oxidation.

The aqueous corrosion resistance of iron aluminides is considered not to be
good [97]. Electrochemical studies of the aqueous corrosion resistance of Fe–Al
have already been reviewed some time ago [98]. Fe3Al and FeAl passivate by
forming films consisting of Al- and Fe-hydroxides or oxides. The aqueous corrosion
behavior of Fe–Al depends on the electrolyte. While they show passivation in
neutral and alkaline electrolytes, corrosion rates are moderate to high in strong
acids, specifically in the presence of Cl−. Passivation can be improved by alloying
with Cr and/or Mo [99]. Recently it has been shown that the aqueous corrosion
resistance can be markedly improved through generating an Al2O3 scale by pre-
oxidation [100]. Immersion tests in seawater and neutral salt spray tests showed that
the corrosion resistance improved with increasing Al content and that dense layers
of Fe3O4 (magnetite) form under these conditions [27, 101].

Corrosion by salt deposits or salt melts at high temperatures (hot corrosion) has
been investigated as well [35]. Also under these conditions, iron aluminides show
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Fig. 10.5 Corrosion resistance of binary Fe–Al in dependence on Al content; (a) parabolic rate
constants kp for oxidation in synthetic air at 700 ◦C and 900 ◦C [104]; (b) mass change after
exposure in steam at 700 ◦C for 672 h [105]; (c) weight loss after neutral salt spray testing for
168 h [101]; (d) corrosion potential in deaerated 0.0126 M H2SO4 at 25 ◦C [100]
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an excellent corrosion resistance if oxidation is the prevailing corrosion mechanism
[102, 103].

10.2.6 Synthesis and Processing

Alloys based on the phases Fe3Al and FeAl can be processed with equipment readily
available in steel industry, and process parameters may be similar to those for Cr
steels [31, 39, 106]. However, conditions will depend on individual alloys, and
thermomechanical processing of alloys with Al contents above about 30 at.% is
difficult [107].

Air induction melting (AIM), electroslag remelting (ESR), and the Exo-MeltTM

process have been employed for the production of iron aluminide-based alloys
on an industrial scale, while a variety of techniques including vacuum induction
melting (VIM), arc melting, directional solidification, etc. are used on laboratory
scale [31, 108, 109]. Besides producing the alloys from the elements or pre-alloys,
production from scrap has also been widely investigated [110–113]. Iron aluminide-
based alloys have also been synthesized by various powder metallurgical methods.
The strong exothermic reaction between Fe and Al or Al2O3 also makes preparation
by self-propagating synthesis of alloys and oxide dispersion-strengthened materials
feasible [114–116].

Iron aluminides are very well suited for casting as they show good form filling,
low porosity, and smooth surfaces, and parts have been produced on an industrial
scale by sand casting, centrifugal casting, and investment casting, while strip casting
has been employed for rolled products [25, 109, 117, 118] (Fig. 10.6). Careful
drying of molds is important to avoid hydrogen porosity, and, as iron aluminide-
based alloys tend to form coarse-grained microstructures which may easily crack,
respective measures by alloying and/or during casting have to be taken.

Cast or powder metallurgically produced precursors are used for forging, which
can be performed in air. Forging of iron aluminides is frequently employed for
refining the microstructure, but also parts have been produced on an industrial scale
[28, 119–121].

Plates, sheets, and tapes have been produced by conventional hot and cold rolling
of iron aluminides with Al contents up to about 30 at.% [107, 122, 123]. At higher
Al contents, additional measures have to be taken such as using spacers, canning of
the alloys, or use of powder metallurgical precursors, as otherwise severe cracking
may occur [124–126]. Rolled products often show increased ductility, and various
parts have been produced [122, 127].

As for other intermetallic materials, powder metallurgical processing has been
studied intensively. Consolidation of pre-alloyed powders by hot extrusion, often
with additions of oxides or borides for increasing strength, has been frequently
performed, and steel tubes with an iron aluminum cladding have been produced
by co-extrusion of both materials [29, 128–130].
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Fig. 10.6 Sand casting of
Fe–Al. The melt was
produced by AIM, and the
part has a diameter of about
600 mm and weighs about
160 kg. (Photograph courtesy
of Otto Junker GmbH,
Simmerath, Germany)

In order to avoid costly machining, near net shape production by additive
manufacturing is currently widely studied. Samples and parts have been successfully
produced by all currently available techniques, and additive manufacturing has
also been employed for the production of chemically graded materials, e.g., iron
aluminide/steel composites [131–134].

Though there have been numerous investigations on processing-property rela-
tionships, no final conclusion can be drawn. Regarding strength, quenched-in
vacancies have a major influence as detailed above. Therefore, variations in cooling
rate after processing at higher temperatures may have a larger effect on strength
than variations in processing parameters or even use of different processing routes.
For ductility there is some agreement that it should increase with decreasing
grain size. However, converse observations have been reported [135]. Any type of
further processing usually increases ductility, i.e., decreases BDTT, of as-cast iron
aluminide alloys, though the mechanisms are not always clear [136, 137].

Because of their excellent corrosion and wear resistance, iron aluminide coatings
have been widely studied, and these activities have been recently reviewed [138,
139]. Machining of iron aluminide-based alloys by all standard techniques has been
demonstrated. But as they may show strong work hardening, use of specific tools,
shortened tool lifetime, and slower machining speeds may be expected, though not
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necessarily so. Nevertheless, economical machining of iron aluminides is a critical
issue [140, 141]. Welding of iron aluminides and making iron aluminide/steel bonds
has also been evaluated. Cracking due to thermal stresses or by residual hydrogen is
an issue and has to be taken care of [142–144].

10.2.7 Applications

Though iron aluminide-based alloys have a great potential and though there have
been quite some efforts to make use of this potential for various applications, little
has been achieved up to now. Because of their excellent corrosion resistance, iron
aluminide-based alloys have been successfully employed as hardware within various
industrial furnaces, e.g., for pyrite roasting, carburizing, and glass melting, or in
the aluminum industry [21, 25, 109, 117, 145]. Parts for turbines or turbochargers,
i.e., where additional benefit is gained from the lower density, are also applications
that have been looked at intensively [24, 121, 146]. Other parts for automotive
applications that have been produced are exhaust valves and brake discs though pub-
lished evidence is not in favor of the latter [33, 147]. Different parts for application
in marine engines have been tested recently as well [148]. Regarding corrosion-
and wear-resistant coatings based on iron aluminides, numerous patents exist,
and sintered iron aluminide filter elements for hot gas cleaning are commercially
available [149, 150].

10.3 Iron Silicides

Iron alloyed with silicon is a material of tremendous industrial importance since
more than 100 years. This is especially because of the excellent soft magnetic
properties of electrical steels, which are Fe–Si alloys with silicon contents up to
6.5 wt.% (corresponding to 12.1 at% Si) applied in electric motors, transformers,
generators, and static induction devices. However, there are more applications of
Fe–Si alloys, for example, making use of the excellent corrosion resistance of Fe3Si
in even very aggressive environments or taking advantage of the magnetic behavior
of this intermetallic phase for possible applications in spintronic devices. Below
these diverse applications are briefly introduced after a discussion of the binary
phase diagram and some remarks on the properties and processing of this type of
material.

It should also be mentioned that, as silicon and iron belong to the most frequent
elements on earth, iron silicon alloys play a role not only in engineering applications
but also in the geological science of the earth core and in the chemistry of terrestrial
and extraterrestrial minerals. These aspects will also be briefly described in the
following section dealing with the phases and phase diagram of the binary system.



10 Iron-Based Intermetallics 437

Fig. 10.7 Fe–Si phase diagram constructed on the basis of [151] with changes in the Fe-rich part
according to [153]

10.3.1 Phases and Phase Diagram

There is general agreement in the literature about the number and type of inter-
metallic phases in the Fe–Si system, and the phase diagram version presented
in Kubaschewski’s classical compilation of Fe binary systems from 1982 [151]
remained unchanged for many years and is identical to the phase diagram shown in
2010 in Okamoto’s handbook on binary phase diagrams [152]. Only more recently,
Ohnuma et al. [153] performed a detailed reinvestigation of the Fe-rich part of the
system combining experimental work and thermodynamic calculations, and Cui
and Jung included all these data into their thermodynamic reassessment of the
system [154]. The phase diagram shown in Fig. 10.7 follows these studies especially
including the new results of Ohnuma et al. for the Fe-rich part.

Similar to the Fe–Al system, large amounts of Si can be dissolved in the ferritic
α-Fe solid solution, and the ordered B2 and D03 (Fe3Si) superstructures of the A2
b.c.c. lattice can form depending on Si content and temperature. Compared to the
Fe–Al system, there is a stronger tendency to ordering occurring already for Si
contents as low as 10 at.% (corresponding to about 5 wt.%). Early work by Schlatte,
Inden, and Pitsch [155–158] indicated a second-order transition from disordered A2
to ordered B2 with increasing Si content and proved the existence of a two-phase
B2 + D03 phase field. Later, results from neutron diffraction experiments led to
some doubt about the occurrence of B2 at temperatures below 700 ◦C [159]. This
was also discussed in a more recent review on the ordering phenomena in Fe–Si
alloys [160]. Following the conclusions of Ohnuma’s experimental and theoretical



438 M. Palm and F. Stein

work [153], the phase diagram in Fig. 10.7 does not contain a B2 phase region below
700 ◦C, but shows the sequence A2 to A2 + D03 to D03 with increasing Si content.

The D03 ordered Fe3Si phase exists over a wide composition range up to
approximately 30 at.% Si. For Si contents below about 28 at.%, Fe3Si transforms
from D03 to B2 ordered structure with increasing temperature. The transformation
temperature increases with increasing Si content. On further heating, Fe3Si alloys
with less than about 19 at.% Si undergo an additional transformation from B2 to
disordered A2 before melting.

At higher Si concentrations, four more intermetallic phases exist in the Fe–
Si system, all of them having only very small homogeneity ranges. Fe2Si is a
high-temperature phase melting congruently at 1212 ◦C and crystallizing with a
hexagonal structure (Pearson symbol hP6) [161]. Another high-temperature phase
is Fe5Si3, which forms on heating in a eutectoid reaction and decomposes in a
peritectoid solid-state reaction. Its crystal structure is of the hexagonal D88 type
(hP16) [162]. FeSi melts congruently and exhibits a cubic B20-type structure
(cP8) [163], while FeSi2 occurs with two structural variants (low-temperature α-
FeSi2 with an orthorhombic (oC48) and high-temperature β-FeSi2 with tetragonal
(tP3) structure) [164]. The low-temperature phase α-FeSi2 no longer has a metallic
character but shows semiconducting behavior, which is why today it is intensively
discussed as an eco-friendly and cheap thermoelectric material [165]. The final
phase in the binary system is the Si solid solution, which has an extremely low
solubility for Fe, reported to be as low as 3 × 10−5 at.% Fe at 1200 ◦C [166].

Fe silicides were also found as mineral phases of extraterrestrial origin at various
places on the earth [167]. Fe3Si occurs with its D03 ordered structure (gupeiite
[168]) as well as in a disordered b.c.c. state (suessite [169, 170]), but also the other
intermetallic phases Fe2Si (hapkeite) [171], Fe5Si3 (xifengite) [168], FeSi (naquite)
[172], and FeSi2 (linzhiite) [173] were detected in meteorites.

High pressures in the range of several 10–100 GPa strongly affect the phase
relations in the Fe-rich part of the Fe–Si system. Neither the disordered ferritic solid
solution nor any of the intermetallic phases Fe3Si, Fe2Si, Fe5Si3, and FeSi are stable
under very high pressure. Instead, an Fe-16.4 at.% Si (9 wt.% Si) alloy transforms
to a close-packed hexagonal (hcp) structure (similar as does pure Fe). An alloy
with 27.5 at.% Si (16 wt.% Si) was found to become two-phase hcp + B2, and
Fe-50 at.% Si (33.5 wt.%) adopts a single-phase B2 structure [174, 175]. This is
of high importance for the geoscience of the interior of the earth as geochemical
models based on cosmochemical arguments suggest that the core of the earth mainly
consist of iron and could contain up to 33 at.% Si (20 wt.% Si). Exact composition,
temperature, and pressure of the core of the earth are still under discussion [176–
178], but an Fe–Si alloy in the inner core most likely is a mixture of hcp and B2
phases as is stated in [174].
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10.3.2 Properties

Density and lattice parameter of the disordered Fe solid solution decrease approx-
imately linearly with addition of silicon; the room temperature density decreases
from 7.87 g/cm3 for pure Fe to about 7.55 g/cm3 for 10 at.% Si [179–181]. The
occurrence of ordering results in a slight shrinkage of the lattice corresponding to
a small but clearly measurable increase of the density. As for example, an 1100 ◦C
annealed and slowly cooled alloy with 12.1 at.% Si (6.5 wt.%) has an about 0.15%
higher room-temperature density than the same alloy after water-quenching from
750 ◦C [181].

The vacancy concentration in thermal equilibrium in Fe3Si reaches high values;
an extrapolation to the melting temperature yields a vacancy concentration of 4
vol.% for stoichiometric Fe3Si [182]. The vacancies are located mainly on the
Fe sublattice, and their concentration strongly decreases when deviating from the
stoichiometric composition to the Fe-rich side. At 427 ◦C, the thermal vacancy
concentration in Fe-21 at.% Si is found to be by a factor of 30 lower than for 25 at.%
Si [182]. Fe atom diffusion occurs by nearest-neighbor jumps on the Fe sublattice
and is mediated by thermal vacancies. This explains the observation that Fe diffusion
in the D03 ordered Fe3Si is much faster and the corresponding activation enthalpy
is considerably lower than in b.c.c. Fe or in disordered Fe-rich Fe–Si alloys [183].

With respect to the mechanical behavior of Fe–Si alloys, the embrittling effect
of the occurrence of ordered intermetallic phases is known since long. Additions
of up to about 10 at.% Si result in strengthening of the ferritic A2 material while
still allowing plastic deformation at room temperature. Further increasing the Si
content results in the occurrence of ordered B2 or D03 phase giving rise to an
upward jump of the yield stress and a loss of ductility; see, e.g., Fig. 10.8, showing
room-temperature compressive yield stress data taken from the systematic work
of Lakso and Marcinkowski on Fe–Si alloys with up to 25 at.% Si (Fe3Si) [184,
185]. D03 ordered Fe3Si shows no ductility at room temperature and a low fracture
strength of 400 MPa in tensile tests. On heating, the material shows a brittle-to-
ductile transformation between 500 and 550 ◦C, and at 600 ◦C, a fair combination
of strength (525 MPa) and ductility (4.5% strain to fracture) was observed [186].

The electrical resistivity of Fe approximately linearly increases with addition
of Si in the disordered Fe solid solution. The occurrence of ordering results in
a decrease with local resistivity minima for the compositions of the intermetallic
phases Fe3Si and Fe5Si3. The composition dependence of the room temperature
resistivity is shown in Fig. 10.9 [187–189]. It should be mentioned that the data
measured by Varga et al. [189] (15–34 at.% Si) were obtained from melt-spun
material, which instead of being amorphous contained the ordered intermetallic
phases Fe3Si and Fe5Si3.

As the magnetic properties of Fe–Si alloys are of special importance for
applications (see the respective section below), they were well investigated in the
past with the first investigations dating back to the year 1900 [190]. Both the
disordered α-Fe solid solution and the D03 ordered intermetallic phase Fe3Si are
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Fig. 10.8 Room-temperature compressive yield stresses of as-cast Fe–Si alloys. (Data taken form
a figure shown in Ref. [179])

Fig. 10.9 Room-temperature electrical resistivity of Fe–Si alloys as a function of composition
[187–189]. (Data taken from a figure shown in Ref. [189])

ferromagnetic with their Curie temperature and saturation magnetization decreasing
continuously with increasing Si content; see, e.g., [191]. The Curie temperature TC
of stoichiometric Fe3Si is 550 ◦C, and its mean magnetic moment μ amounts to
1.67 μB [192]. The high-temperature Fe-rich intermetallic phase Fe5Si3 can easily
be metastably retained at room temperature, for example, as nanoparticles also
showing ferromagnetic behavior [193]. For the Curie temperature of Fe5Si3, values
of 102–108 ◦C were reported [162, 193, 194]. In the Fe solid solution, Si addition
effects an increase of magnetic permeability and electrical resistance as well as a
decrease of the magnetic anisotropy, coercivity, and magnetostriction, where the
latter approaches zero for a Si content of 12.1 at.% (6.5 wt.%); see, e.g., [195, 196].
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The corrosion behavior of Fe3Si is extraordinarily good; Fe3Si is resistant even to
boiling sulfuric and nitric acid [197, 198]. The good corrosion resistance of Fe3Si is
a result of the formation of a protecting SiO2 layer. Studying the corrosion behavior
in sulfuric acid, Yamaguchi [198] found that firstly the acid removes iron from the
surface until a pure silicon layer remains, which then is oxidized to SiO2. According
to Wasmuht [199], who studied the corrosion resistance in various acidic media
for different Si contents, the existence of the single-phase, ordered intermetallic
structure is a precondition for the excellent corrosion behavior with formation of
protecting SiO2.

10.3.3 Processing and Applications

Huge amounts of silicon steels with typical Si contents of about 6 at.% (~3 wt.%) are
produced every year by conventional casting and rolling procedures for application
as electrical steels especially in electric motors and transformers. The beneficial
effect of Si additions to Fe for improving the soft magnetic properties is well-known
already since the seminal work of Hadfield and co-workers at the start of the last
century [190]. Optimum soft magnetic behavior is reached for a Si content of 12.1
at.% (6.5 wt.%), where the magnetostriction decreases to zero resulting in noise-
free power transmission and minimum core losses during cyclic magnetization
processes; see, e.g., [195, 196]. Unfortunately, such an improvement of the magnetic
properties is accompanied by a dramatic decrease in ductility starting at about 8 at.%
Si (~4 wt.%), which makes conventional processing and specifically the required
cold rolling of such alloys impossible. Besides segregation of Si to grain boundaries,
the decisive factor is the occurrence of ordering leading to embrittlement of the
material.

As the financial losses due to the application of material with non-optimized
properties and high power losses are enormous, great efforts were put into finding
suitable methods to produce Si-enriched Fe-6.5 wt.% Si electrical steel sheets either
by trying to avoid ordering or by applying alternative processing methods for the
ordered material. It should be noted that the occurrence of B2 or D03 (Fe3Si) ordered
regions per se is not the disqualifying criterion, but instead can be even beneficial
for the magnetic properties, e.g., resulting in reduction of the coercivity [200]. The
crucial point rather is the brittleness of these intermetallic phases. As commercial-
scale production of Fe-6.5 wt.% Si sheets via a conventional cold rolling process
is not possible, alternative production routes were explored including siliconizing
of cold-rolled Fe-3 wt.% sheets by CVD (chemical vapor deposition) [201–203] or
hot-dipping [204], spray-forming (based on atomization of a stream of the liquid
alloy by Ar inert gas) [205, 206], direct powder rolling of iron and silicon powder
mixtures with subsequent heat treatments [207], rapid quenching methods such as
melt spinning [195, 200, 208], or ductilizing by microalloying with boron [209].

Today, Fe–Si alloys are still the most important soft magnetic material for
electrical power conversion. Besides the conventional Fe-3 wt.% Si sheet cores,
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so-called super cores with 6.5 wt.% Si produced via the CVD route were patented
under the brand name JNEX

®
by JFE Steel Corp. [210, 211]. These non-oriented

electrical steel sheet cores exhibit virtually zero magnetostriction resulting in low
core losses and low noise in high-frequency applications. Competitors of sheet cores
are compacted powder cores as the so-called Mega Flux core that was patented by
Chang Sung Corp. [212, 213]. As the lack of ductility of Fe-6.5 wt.% Si prevents
powder from being compacted, the Si content is adjusted to 4.5 wt.% in Mega
Flux [213]. The properties and characteristics of the different core materials were
compared in many studies revealing that the optimum choice strongly depends on
the particular application [212–217].

The first Si-rich Fe–Si-based soft magnetic material, which already long time
ago entered successfully into industrial applications, was so-called Sendust invented
by Hakaru Masumoto and Tatsuji Yamamoto in 1937 [218]. Sendust, the name of
which is a combination of Sendai and dust, is a ternary Fe-based alloy containing
9.6 wt.% Si and 5.4 wt.% Al and having the D03 Fe3Si crystal structure. Due
to its extreme brittleness, it is usually applied as sintered, partially or completely
amorphous powder or rapidly quenched ribbons, but was also produced in sheet
form through metal powder rolling techniques [219]. Sendust cores can have
extremely high magnetic permeability with simultaneously low coercivity and as
Sendust at the same time shows very good wear properties, it is used for magnetic
recording heads [220, 221]. Composites consisting of Sendust flakes embedded in
a polymer were produced for high-frequency applications in, e.g., mobile phones or
personal computers to act as electromagnetic noise suppressor [222, 223]. Today,
various composite powder cores are available with different standardized sizes and
permeabilities, which can be combined to get new effective permeabilities [224].
Compared to the Fe–Si Mega Flux cores, Sendust cores show superior performance
in transformers and inductors with respect to acoustic noise emission [225].

Due to its excellent corrosion resistance, castings of Fe3Si are used since long
as industrial components in contact with chemically aggressive media. An alloy
with 25.2 at.% Si (14.5 wt.%) was developed and patented as “Duriron” by P.D.
Schenck, W.E. Hall, and J.R. Pitman, who soon after (in 1912) incorporated the
“During Casting Company” [226–228]. Duriron is not only corrosion resistant in
inorganic and organic acidic environments but also in various alkaline solutions
[199]. Its excellent corrosion behavior is comparable to that of noble metals, but
as it is much cheaper, this material is extensively used in chemical industry since
more than 100 years. The major drawback for production of parts from Fe3Si is its
extreme brittleness and hardness, which is why such parts can be only produced by
casting.

With its good corrosion resistance, high hardness, and high electrical resistivity,
Fe3Si is also a candidate as protective surface coating, for example, on Fe–Si
electrical steels. This was proven by Schneeweiss et al. [229] who successfully
prepared an Fe3Si coating by firstly CVD of a 1 μm Si layer on Fe-3wt.%Si steel
followed by some heat treatments that transformed the Si layer to a protective, 3–4-
μm-thick Fe3Si coating.
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Fe3Si thin films are also good candidates for applications in microelectronics,
e.g., as ferromagnetic electrode in spintronic devices utilizing the high spin polar-
ization and high Curie temperature of Fe3Si. Thin, epitaxial films were grown on
semiconductor substrates such as GaAs [230, 231] or on SiO2 for application as
magnetic tunnel junctions [232, 233]. As a possible starting material for preparation
of such thin layers, Fe3Si nanoparticles (size approximately 5 nm) were successfully
produced by a high-temperature chemical reduction method employing a reaction
of silicon tetrachloride with iron pentacarbonyl [234].

10.4 Iron-Based Ferritic Superalloys

This chapter deals with ferritic iron-based alloys, where a disordered b.c.c. phase
forms a coherent microstructure with an intermetallic phase. As the microstructures
resemble those of the Ni-based superalloys, they have been termed ferritic superal-
loys. These alloys usually show high strength at elevated temperature and, therefore,
recently have attracted much attention.

Because of lower costs, lower thermal expansion, and higher thermal conduc-
tivity, ferritic alloys are an interesting alternative to austenitic steels for high-
temperature applications [235]. However, their poor creep resistance above 600 ◦C
has limited their usage so far. Strengthening by coherent precipitates is an efficient
method to obtain appreciable strength at high temperatures, as realized by the
γ/γ′ microstructures in superalloys. These superalloys were originally iron-based,
but shifted to Ni and Co base already in the 1940s, and these alloys are still
the backbone for applications at high temperatures [236, 237]. Strengthening the
matrix by coherent NiAl precipitates is another method that has been successfully
employed for maraging steels [238–240]. This concept has been recently refined to
strengthening by coherent nanoprecipitates [241]. Also more recently f.c.c. + NiAl
alloys with lamellar microstructures gained some interest because they show high
strength and good ductility at room temperature [242]. In the following, ferrous
materials other than steels with coherent microstructures are dealt with.

Specifically in many Fe–Al–X systems (X = Ni, Co, V, Ti . . . ), miscibility gaps
exist in which on cooling coherent microstructures of (α-Fe) + B2 (Fe,X)Al, (α-
Fe) + L21 Heusler-type Fe2AlX, or (Fe,X)Al + Fe2AlX form. The three phases
are crystallographically closely related to each other and have lattice constants quite
close to each other (a0 (α-Fe) ≈ a0 (Fe,X)Al ≈ ½ a0 Fe2AlX), and it is therefore
that they readily form coherent microstructures. It has been shown that increased
strength does not depend on whether the disordered or the intermetallic phase
forms the precipitates [243], though alloy developments are preferentially aiming
at precipitating the intermetallic phase. Microstructures can vary in dependence on
the volume fractions from isolated precipitates to chessboard-like to maze-like [70].
The strength of the alloys will be determined by the size of the precipitates, width
of the channels between them, and the coherency stresses. At least in some of the
investigated systems, the precipitates form by spinodal decomposition, which gives
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rise to second and third generations of precipitates. These fine-scaled precipitates
have an additional strengthening effect but may also cause severe embrittlement at
lower temperatures [70].

10.4.1 Alloy Developments

Initial alloy developments were based on the Fe–Al–X systems with Ni and Ti.
Currently the focus is on Fe–Al–Ni–Ti–Cr alloys with minor additions of other
elements [244]. By microstructural engineering the misfit between matrix and pre-
cipitates, i.e., the coherency stress, is optimized, and formation of sub-precipitates
within the primary precipitates is employed for further strength increase [245].
These measures also help to avoid rapid coarsening which otherwise can be an issue
[246]. A different approach to generate coherent microstructures is pursued in the
Fe–Al–X systems with Nb and Ta. In these systems precipitation of the stable Laves
phase is kinetically retarded, and a metastable Heusler phase forms instead [57]. The
Heusler phase forms coherent microstructures with the matrix, which, dependent on
temperature and composition, can be (α-Fe) or (Fe,X)Al. Though metastable, the
coherent microstructures are stable for long time at elevated temperatures. Above
700–750 ◦C, the stable Laves phase will form, but as precipitation is primarily along
grain boundaries, strength at high temperature can be maintained [73].

10.4.2 Properties

The strength of ferritic superalloys outperforms that of advanced Cr steels and
matches that of Ni-based superalloys (Fig. 10.10). The yield strength at 800 ◦C
varies between 100 and 300 MPa [70, 72, 73]. At 700 ◦C, secondary creep rates
of 10−8 s−1 are observed at applied stresses between 90 and 200 MPa [72, 73,
247, 248], and the rate-determining deformation mechanisms have been intensively
studied [243, 244, 247–250]. As the alloys are rather strong, they show only limited
ductility at room temperature. It has been shown that ductility mainly depends
on the volume fraction of precipitates [251, 252]. Specifically alloys with fine-
scaled second- and third-generation precipitates can be rather brittle, and ductility
may enhance after coarsening the fine precipitates through annealing [251, 253].
For sufficient corrosion resistance, the constituting phases must have an adequate
content of Al plus Cr. Then they will show an excellent corrosion resistance like the
iron aluminide alloys discussed in Sect. 10.2.
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Fig. 10.10 Double
logarithmic graph showing
applied tensile stress against
rupture life for advanced
commercial steels (P92,
P122, T91, T122, Cr12) in
comparison to novel ferritic
superalloys. (Figure adopted
from Ref. [247])

10.4.3 Processing

Casting, forging, and additive manufacturing of ferritic superalloys have been
demonstrated [121, 133]. Because of their high strength, forging must be performed
at temperatures above the solvus. Forged and additive processed alloys showed
comparable strength as their as-cast counterparts but partly increased ductility
[133, 136]. As these alloys are still under development, their processing/property
relationships must be still evaluated, and no applications have been realized yet.

10.5 Iron-Based Alloys with TCP Phases

Laves phases and other topological close-packed (TCP) phases are common pre-
cipitates in steels. They are very strong phases, and therefore they have been
considered for strengthening steels already long time ago, either as additional
precipitates to carbides or in C-free alloys and low-carbon steels, e.g., maraging
steels [3, 254–256]. However, it has been found that they precipitate preferentially
at grain boundaries, where they do not contribute much to strengthening but instead
induce formation of cavities and cause embrittlement [6, 257]. They are also
unwanted, because after formation they tend to rapidly coarsen, thereby extracting
the elements responsible for solid solution hardening like W and Mo from the
matrix [8, 257–260]. However, reports are varying, and if compositions are carefully
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adjusted, Laves and other TCP phases may be beneficial in attaining strength at high
temperature [261, 262].

The key for gaining strength at high temperatures by TCP precipitates is their
distribution. Early attempts used fine precipitates of spheroidized Laves phase [254].
A new concept is to precipitate the TCP phases as more or less continuous film
along the grain boundaries. The resulting steels are very strong, and it has been
demonstrated that though the TCP phases are rather brittle as monolithic phase,
the films show good mechanical behavior, i.e., they do not show cracking after
plastic deformation [263, 264]. Both ferritic and austenitic steels are currently under
development.

10.5.1 Ferritic(–Martensitic) TCP Steels

Strengthening ferritic 9–12 wt.% Cr steels by Laves phase and other TCP precipi-
tates has been investigated for quite some time. Usually elements such as Nb, W, and
Mo are added to provoke their formation. In general it is found that the Laves phase,
which precipitates during creep, initially increases the creep resistance. However,
due to rapid coarsening, the creep rate may increase again after some time [258].

More recently, specifically Cr-rich steels are developed which gain their strength
from TCP phases. 15 wt.% Cr steels containing Laves phase and μ phase (and χ

phase) show a superior creep resistance due to fine precipitation of the TCP phases
in the matrix [265].

Crofer 22H is a ferritic steel strengthened by Laves precipitates within the
α(Fe,Cr) matrix [266]. It was developed as a high strength steel for interconnections
in solid oxide fuel cells (SOFCs). Compared to the precipitate-free Cr steel JS-3,
it shows a much better creep resistance due to solid solution hardening and the
precipitation of micron-sized Fe2Nb(W) Laves phase precipitates. The oxidation
behavior does not deteriorate by the addition of Nb, W, and Si, and this steel has
a total elongation of >20% at room temperature [266]. Further optimization of
the microstructure showed that distributing the Laves phase at the grain boundary
is very effective to prevent coarsening of the ferritic matrix as the Laves phase
itself coarsens only very slowly [267, 268]. The concept is further elaborated in
the development of HiperFer, another high chromium-containing steel for highly
efficient steam power plants that has a better steam oxidation resistance and higher
strength than P92 [263, 269].

10.5.2 Austenitic TCP Steels

Based on the design concept of grain boundary precipitation strengthening,
Takeyama et al. developed a highly creep-resistant but still sufficiently ductile
steel of composition Fe-30Cr-20Ni-2Nb (in at.%) [270, 271]. This steel has a
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three-dimensional network of the Fe2Nb Laves phase precipitated as a film of
<1 μm thickness on the austenite grain boundaries and additional fine nanometer-
sized plates of Ni3Nb inside the austenite grains [264]. It has been shown that the
properties crucially depend on the area fraction of the grain boundaries covered
by Laves phase, i.e., that strength increases and ductility decreases with increasing
fraction of Laves phase. An alloy with about 90% coverage of the grain boundaries
attained a creep life of 880 h at 700 ◦C and 140 MPa [270]. However, crack
formation neither inside the Laves phase nor at the Laves/γ-Fe interface was
observed [264]. The steel has a good corrosion resistance in steam in that it readily
forms a protective Cr2O3 scale [272]. Main application of the steel could be in
advanced thermal power plants.

10.6 Summary and Future Outlook

In view of their potential to replace high-alloyed steels or even Co- or Ni-based
superalloys, iron-based intermetallic materials are an inexpensive alternative. As
they are iron based, they can be produced using equipment readily available in iron
and steel companies. Though these materials are not “another steel,” at least part of
the processing can be based on experience gained from the processing of cast iron or
steels. Their limited ductility is still adequate for many applications. It may cause a
bit more time-consuming machining, but near net shape processing, which has been
successfully demonstrated, can substantially reduce costs for machining.

Their excellent strength-to-weight ratio, i.e., their specific strength, their partly
outstanding corrosion resistance, and high wear resistance, opens up new possibil-
ities to use these iron-based materials under demanding conditions, otherwise only
bearable by Co- and Ni-based superalloys. In view of these properties, iron-based
intermetallic materials offer an increased lifetime combined with reduced energy
consumption. Iron, aluminum, and silicon are the most abundant elements, and the
materials discussed in this chapter need no or little additional alloying. Therefore,
besides economic considerations, with increasing lack of strategic elements, these
materials for sure will get more attention in the future.
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AFA Alumina-forming austenitic
AHSS Advanced high-strength steel
AISI American Iron and Steel Institute
AOD Argon oxygen decarburization
APT Atom probe tomography
ASME American Society of Mechanical Engineers
ASS Austenitic stainless steel
A-USC Advanced ultra-supercritical
AUST SS Austenitic stainless steel (Fig. 11.30)
BCC Body-centred cubic
BCT Body-centred tetragonal
BF-TEM Bright field transmission electron microscopy
BH Bake hardening
CAPL Continuous annealing and pickling line
CNAs Castable nanostructure alloys
CP Complex phase
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Creq Chromium equivalent number
CRSS Critical resolved shear stress
CSEF Creep strength enhanced ferritic steels
CTE Coefficient of thermal expansion
DBTT Ductile-brittle transition temperature
DP Dual phase
DSS Duplex stainless steel
EBSD Electron back scattering diffraction
ECAP Equal channel angular pressing
ECC Equal channel contrast
EDS Energy dispersive spectroscopy
ESTEP European Steel Technology Platform
FCC Face-centred cubic
FSS Ferritic stainless steel
HAB High-angle grain boundary
HCP Hexagonal close-packed
HPT High-pressure torsion
HRTEM High-resolution transmission electron microscopy
HSLA High-strength low-alloyed
HSS High-strength steel
HV Vickers hardness
IF Interstitial free
IPF Inverse pole figure
LAB Low-angle grain boundary
L-IP

®
Lightweight steels with induced plasticity

LMP Larson-Miller parameter
MDF Multidirectional forging
MSS Martensitic stainless steel
NG Nanograined
Nieq Nickel equivalent number
NTW-γ Nanotwinned austenitic grains
ODS Oxide dispersion-strengthened
PH Precipitation hardening
PHSS Precipitation hardening stainless steel
PT Partitioning temperature
Q&P Quenching and partitioning
Q&T Quenching and tempering
QT Quenching temperature
RAFM Reduced activation ferritic/martensitic
RAP Rolling, annealing and pickling
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ROI Region of interest
SADP Selective area diffraction pattern
SEM Scanning electron microscopy
SIM Strain-induced martensite
SOFC Solid oxide fuel cell
SPD Severe plastic deformation
SSINA The Specialty Steel Industry of North America
SSS Solid solution strengthening
STEM Scanning transmission electron microscopy
TE Total elongation
TEM Transmission electron microscopy
TMCP Thermomechanical controlled processing
TRIP Transformation-induced plasticity
TWIP Twinning-induced plasticity steel
UE Uniform elongation
UFG Ultrafine-grained
USC Power plants ultra-supercritical power plants
UTS Ultimate tensile strength
V-AOD Vacuum argon oxygen decarburization
VCR Vacuum converter refiner
VOD Vacuum oxygen decarburization
Wt Weight
XRD X-ray diffraction
YS Yield strength

Symbols

α Ferrite
α1, α2 Constants (Eq. 11.11)
αε Factor (Table 11.7)
χ Chi-phase
δ ferrite and cell diameter in (Eq. 11.11)
ε HCP martensite
εb Misfit size parameter (Eq. 11.8)
εc Constrained lattice parameter misfit (Table 11.7)
εmicro Elastic microstrains (Eq. 11.12)
εT Total deformation
γ Austenite
γapb Antiphase boundary free energy of the precipitate (Table 11.7)
γSFE Stacking fault energy (Eqs. 11.19 and 11.20)
γSFET Temperature-dependent stacking fault energy (Eq. 11.20)
γtwin Twinned austenite
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�γsf Stacking fault energy mismatch between matrix and precipi-
tates (Table 11.7)

ν Poisson’s ratio (Eqs. 11.12 and 11.13)
ρ Dislocation density (Eqs. 11.11, 11.12 and 11.13)
σy Yield strength (Eq. 11.6)
σSS Contribution of the solid solution strengthening to the yield

strength (Eq. 11.6)
σgs Contribution of the grain size to the yield strength (Eqs. 11.6

and 11.18)
σρ Contribution of the forest dislocation to the yield strength (Eq.

11.6)
σppt Contribution of the precipitation hardening to the yield

strength (Eq. 11.6)
σ0 Friction stress (Eq. 11.6)
a Lattice constant (Table 11.6)
abcc Lattice constant of ferrite (Table 11.6)
afcc Lattice constant of austenite (Table 11.6)
Ai Strengthening factor of element “i” in solid solution (Eq. 11.8)
Alath Lath martensite section (Eq. 11.13)
b Burgers vector (Eqs. 11.11, 11.12, 11.14, 11.15 and Table

11.6)
Ci Concentration of alloying element “i” in solid solution (Eq.

11.8)
C Constant (Eq. 11.17)
dlath Lath martensite distance (related to its section)
d Mean grain size (Eq. 11.18)
E Young’s modulus (Eqs. 11.12 and 11.13)
fα′ Volume fraction of martensite
G Shear modulus (Eqs. 11.11, 11.12, 11.13, 11.14, 11.15; also

used to defined a precipitate in maraging steels: Ni16M6Si7,
M=Nb,Ti; Table 11.2, Table 11.9)

G′ Shear modulus of a precipitate (Eq. 11.17)
�G Shear modulus mismatch between matrix and precipitates

(Table 11.7)
K KLN = factor (Eqs. 11.8–11.9)
kHP Hall-Petch coefficient (Eq. 11.18)
KIC Fracture toughness
L Distance between particles (Eqs. 11.15 and 11.16)
M Taylor factor (Eqs. 11.9 and 11.11)
m Factor (Table 11.7)
Md Temperature above which no martensite forms upon loading
Md30 or Md30/50 Temperature at which 50 % of martensite is obtained in a

tension test for a true deformation of 0.3 (Eqs. 11.3, 11.4 and
11.21).
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Mf Martensite finish temperature
Ms Martensite start temperature (Eq. 11.5)
MSI The temperature below which the isothermal formation of

martensite is observed
Rm Tensile strength (Table 3.1)
T Absolute temperature
Tγ Austenitization temperature
Vα′ amount of martensite (%, Eq. 11.22)
V

p
f Precipitate volume fraction (Eqs. 11.14 and 11.16)

wlath Lath martensite width (related to its section, Eq. 11.13)
X Particle mean diameter (Eqs. 11.14, 11.15 and 11.16)

11.1 Introduction

Steels remain, up to date, as one of the most successful and cost-effective class of
material in improving the quality of life, with around 1.6 billion tons of finished steel
products manufactured in 2017 [1]. They are recyclable, possess great durability and
require low amounts of energy to be produced compared to other materials. There
are currently more than 3500 different grades, each with different properties. One
reason for their overwhelming dominance is the endless variety of microstructures
and properties that can be generated during its thermomechanical processing.
However, one of the main limitations of plain or low-alloyed carbon steels is that
they easily rust in air and aqueous environments, corrode in different acids and
oxidize when exposed to high temperatures in unprotected (open air) atmospheres.

During the beginning of the twentieth century, several investigations carried out
in Europe and America unveiled the positive influence of adding Cr, in quantities
generally above 12.0 wt.-%, on the corrosion and oxidation resistance of plain
carbon steels. The first patent and seminal work are usually attributed to the English
metallurgist Harry Brearley (Sheffield, UK). He is also recognized as the discoverer
of the rustless steel, later denominated as stainless steel by Ernest Stuart (manager
of a cutlery firm in Sheffield and with whom Brearly collaborated). At that time
Brearly was producing experimental alloys with chromium contents between 6 and
15 wt.-% trying to improve the wear resistance [2]. To disclose the microstructure,
carbon steels are standardly etched with a solution composed of nitric acid and
alcohol (so-called Nital). However, he discovered that this solution had a weak
effect on the microstructure of high-chromium steels, as they were very difficult to
be etched chemically in this way, i.e. they were resistant to diluted acidic solutions.
He also noticed that the state of heat treatment affected their response to etching.
The first commercial cast of a stainless steel was made by Brearley in 1913 with a
composition of Fe-0.24C-12.80Cr-0.44Mn-0.20Si (in wt.-%). Initially this steel was
intended for gun barrels, but it was later proposed by Brearley to produce cutlery

http://dx.doi.org/10.1007/978-3-030-53825-5_3
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and other food-related utensils/tools in collaboration with Ernest Stuart (Sheffield
was the centre of the cutlery industry in England at that time). Brearley’s discovery
of stainless steels was announced in The New York Times in January 1915. Since
this date, the world production of stainless steels has increased with ascending
rate. While in 1950, the production of stainless steels was less than 1 million tons,
the total production of stainless steels in 2018 has been around 50.7 million tons,
growing at a rate of 5.8 % a year with China being the world leading producer with
more than 53 % [6].

The addition of chromium to steel promotes the formation of a chromium
oxide, (Fe,Cr)2O3, passive surface film of a few nanometres, which protects
it from staining, rusting, corroding or oxidizing in environments where normal
steels are susceptible [3]. However, to prevent pitting and rusting in more hostile
environments, other alloying elements like Mo are also required. In addition to their
stainlessness, stainless steels do not discolour in a normal atmospheric environment
and keep a shiny surface [4]. The use of stainless steels ranges from the low-
end products such as water buckets or cutlery to the very high-end ones, such as
the spacecraft propellers and casings, constructions or surgical implants or tools.
The ubiquity of stainless steels in our daily life makes it impossible to enumerate
all their applications [5]. Stainless steels also outperform ordinary steels on high-
temperature mechanical properties. Stainless steels are much better in terms of fire
resistance and retention of strength and stiffness at elevated temperatures compared
with carbon steels. For these reasons, steel is frequently the “gold standard” against
which emerging structural materials are compared.

11.2 Overview of Stainless Steels

11.2.1 Stainless Steels Categories

Taking as a basis the three main matrix phases that may coexist in the microstructure
(ferrite, austenite, martensite), stainless steels have been generally classified in
five groups: (1) ferritic stainless steels (FSS), (2) austenitic stainless steels (ASS),
(3) martensitic stainless steels (MSS), (4) duplex stainless steels (DSS, mixture
of ferrite and austenite) and (5) precipitation hardening stainless steels (PHSS,
generally contain martensite and small volume fraction of metastable austenite) [4,
6]. These different families are briefly described as follows.

Ferritic Stainless Steels (4XX Series)
FSS are iron-chromium alloys that have the same structure as pure iron at room
temperature, body-centred cubic (BCC) ferrite (α) phase. Therefore, the solubility
of carbon is rather limited, and most of the carbon forms carbides such as M7C3
and M23C6 (M = Cr,Fe). The Cr content varies between 10.5 and 30 wt.-%. The
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C content is low and generally below or around 0.1 wt.-%. Other elements like Si
or Mn are generally around or below 1 wt.-%. High strength, corrosion resistance
or stabilized grades depend on the presence of different elements like Mo, Ti, Nb,
Al, Cu and N in the composition. Typical ferritic grades are AISI 430 (Fe-17Cr);
405 (Al added); 415 (Ni added); 434; 409, 430Ti, 439 and 441 (Ti and/or Nb
stabilized); 434, 436 and 444 (Mo and Ti and/or Nb stabilized). Other special grades
like 446, 447 and 448, in addition to Ti/Nb and Mo, contain elements like Cu (max.
0.6 wt.-%), Ni (max. 4.5 wt.-%) and Cr contents of 25–30 wt.-%. Their corrosion
resistance and toughness are moderate; however, they are affordable due to the low
content of alloying elements compared to other stainless steels. Ferritic stainless
steels are readily welded in thin sections but suffer grain growth with consequential
loss of properties when welded in thicker sections. They have multiple applications
in the automotive/transportation, building and construction, food equipment, home
appliances or offices and other industries.

Austenitic Stainless Steels (2XX and 3XX Series)
The content of this steel in alloying elements like Ni or Mn allows ASS to retain the
high-temperature face-centred cubic (FCC) austenite (γ) phase at room temperature.
ASS are the most commonly used stainless steels as they comprise 70 % of the
total production. Depending on the steel grade, the Cr content varies between 16
and 25 wt.-% and Ni between 1 and 22 wt.-%. The C is kept below 0.08 wt.-%
(lower carbon grades, <0.03 wt.-%, are identified with an “L”: AISI 304L). They
may also contain Mn (1.0–15.5 wt.-%), Si (0.5–3 wt.-%), Mo (≤5 wt.-%), Ti/Nb
(≤0.8 wt.-%), Cu (≤4 wt.-%), N (≤0.5 wt.-%) and other minor elements. This
group can be divided into several subgroups: low Ni, Cr-Mn grades (also referred to
as “200-series” grades), Cr-Ni grades (sometimes referred as 18-8 SS, indicating
the approximate content in Cr and Ni, respectively), Cr-Ni-Mo grades, high-
performance austenitic grades and high-temperature heat-resistant austenitic grades,
for use at temperatures exceeding 550 ◦C. The most well-known 18Cr-8Ni grades
are AISI 304, 316, 321 and 347; these later ones alloyed with Ti (AISI 321) [7] and
Nb (AISI 347) to stabilize against M23C6 formation (to minimize the sensitization
that leads to intergranular corrosion [8]) and to improve creep behaviour via the
formation of TiC/NbC nanocarbides. ASS have superior corrosion resistance and
toughness compared to FSS and MSS; the corrosion performance may be varied
to suit a wide range of service environments by optimizing the C or Mo content.
They are the most weldable of the stainless steels; however, some grades can be
prone to sensitization of the weld heat-affected zone and weld metal hot cracking.
They have greater thermal expansion coefficient than FSS and MSS, which makes
them less resistant to cyclic oxidation. They possess excellent formability which
can be tailored by adjusting the stacking fault energy via composition optimization.
Besides, they can be hardened by cold-rolling. They are frequently used in kitchen
sinks, chemical industry, food processing and as structural components in energy-
generating power plants.
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Martensitic Stainless Steels (MSS, 4XX Series)
Fe-Cr-C MSS generally have a higher content in different alloying elements than
FSS and an optimum balanced composition among C, Ni, Cr and Mo that allow
promoting the phase transformation from the high-temperature parent FCC austenite
phase into the body-centred tetragonal (BCT) martensite (α′) phase during air
cooling. The tetragonality of the martensite phase depends on the C content of the
alloy, and for low-carbon grades the crystal structure of martensite is generally close
to BCC. After cooling to room temperature, carbon supersaturated martensite is
very brittle and should be given a tempering treatment to increase the ductility and
toughness. By this heat treatment, the strength can increase one order of magnitude
(from 200 to 2000 MPa). These steels are generally divided depending on the carbon
content: (1) <0.06 wt.-% (“L” grades); (2) 0.06–0.30 wt.-% (AISI 410, 420, 431);
and (3) >0.30 wt.-% (AISI 440A, B, C). Typical Cr contents are between 11.5 and
18 wt.-%, Mn between 0.5 and 2.5 wt.-%, Si between 0.5 and 1.0 wt.-% in addition
to other elements like Ni (0.6–3.0 wt.-%; AISI 414, 422, 431), Nb (0.05–0.3; AISI
410Cb), Mo (0.5–1.25 wt.-%; AISI 414L, 416, 422; 440), W (0.75–1.25 wt.-%:
AISI 422) or V (0.15–0.30 wt.-%) and Se (0.15 wt.-%). In special 12 wt.-%Cr tool
steels (D2, D3, D6), carbon is increased (1.5–2.15 wt.-%), and carbide forming
elements like Mo, W and V are added to the composition to promote the formation
of very hard and stable carbides. The corrosion resistance of this type of steels
is moderate but lower than that of austenitic and ferritic grades due to the lower
or null amount of Ni and other alloying elements. However, these lower alloying
elements makes them less costly than other stainless steels. By adding some Ni
and reducing the carbon content, the rather poor weldability of these steels can
be improved. For applications where high corrosion resistance and creep strength
are required (power generation, chemical and petrochemical industries), 12Cr-0.2C
(wt.-%) grades are alloyed with Mo for corrosion, Ni to avoid delta ferrite, W/Co
for solid solution hardening and B to stabilize and reduce the coarsening rate of
the M23C6 and prevent cavitation at high temperatures. Finally, Nb/V are added for
precipitation hardening via the formation of MCN nanocarbonitrides (M = Nb, V),
finely dispersed in the martensitic microstructure. This heat-resistant MSS can be
used in a wide range of operating temperatures but above 650 ◦C usually undergo
a quick degradation due to the recovery of the martensitic microstructure and
coarsening of the carbides present in the microstructure. Figure 11.1 summarizes
the evolution of the composition in the development of 12 wt.-%Cr MSS for boilers.
Common applications of MSS include steam, gas and jet engine turbine blades that
operate at high temperatures, boilers, pipes and valves for the power generation,
chemical and petroleum industries, surgical instruments, razor blades, cutlery, gears
and shafts.

Duplex Stainless Steels (DSS)
The DSS have a mixed ferritic-austenitic microstructure (usually 60/40 %, respec-
tively) and are typically low-carbon steels (0.03–0.06 wt.-%), containing Cr in
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Fig. 11.1 Development of 12 wt.-% Cr MSS grades for boiler applications. (Information extracted
from [9])

amounts between 21 and 26 wt.-% and Ni between 2 and 7 wt.-%. The additions
of Mo (≤4 wt.-%), N (≤0.3 wt.-%) and Cu (≤2 wt.-%) provide these steels with
good corrosion resistance. The DSS have higher yield strength and greater stress
corrosion cracking resistance to chloride than ASS. Service temperatures are limited
to the range from −40 ◦C (below it poor impact toughness is seen) to 280 ◦C (above
it embrittling precipitates form). The most commonly used grades are 2205 (22Cr-
5.5Ni) and 2507 (25Cr-5.5Ni); this latter one is also called as Super-Duplex, and it
has higher corrosion resistance. Their common usage is in petrochemical industry,
marine applications (desalination plants and any seawater bearing systems), and heat
exchangers.

Precipitation Hardening Stainless Steels
These are commonly classified as austenitic, semi-austenitic and martensitic
depending on the matrix of the steel. Their mechanical properties are obtained after a
process of ageing (around 400–650 ◦C) in which nanoprecipitates (carbides and/or
intermetallic phases) are allowed to form. Martensitic PHSS possess strengths
higher than that of their martensitic counterparts of the 4XX series. In addition, these
steels can exhibit good ductility and toughness depending on the heat treatment
conditions, and their corrosion resistance is highly comparable to the austenitic
grades. The need for special heat treatments to achieve the final mechanical
properties generally makes them more expensive than other stainless steels and
hampers their usage. They are not classified using any standard numbering system
as other families of stainless steels presented before. The most widely known steels
grades are PH 13–8, 15–5 PH, 17–4 PH, 17–7 PH, PH 15-7 Mo (the numbers refer
to the usual amount of Cr and Ni in the composition, respectively), A286 (15Cr-
25Ni), A350 (17Cr-5Ni) and AM355 (16Cr-5Ni). These steels have low-carbon
contents (<0.1 wt.-%) and are alloyed with Mn (≤2 wt.-%) and Si (≤1 wt.-%) and
different amounts of Mo, Al, Nb, Ti, Ta, V, Cu and N to, (i) improve the corrosion
resistance or (ii) promote the formation of these strengthening nanocarbides
(MX type; M = Ti, Nb, V, Ta; X = C,N), intermetallic phases (β-NiAl) or Cu-
rich precipitates. Only using cutting-edge high-resolution transmission electron
microscopy (HRTEM) and 3D atom probe tomography (APT) it has been recently
unveiled that the sequence of precipitate formation of some commercial PHSS
during isothermal treatments is very complex. For example, in 17-4 PH, it has been
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Fig. 11.2 Time evolution of the mechanical properties of alloy 17-4 PH SS during ageing at
450 ◦C after a solution treatment at 1040 ◦C for 1 h [10]

observed that Cu-rich precipitates (BCC) evolve to 9R and finally FCC; besides,
Ni-(Mn,Nb)-Si-rich precipitates also form around some Cu-rich precipitates and
Cr-rich (α′) domains nucleated only after prolonged times. In addition, sometimes
Nb/Cr nitrides have been observed [10–13]. Figure 11.2 shows the evolution of the
mechanical properties during ageing at 450 ◦C of a 17-4 PH SS steel; the hardness
and tensile strength initially increase sharply and then drop due to the coarsening
of Cu-rich precipitates and finally increases again slightly after long ageing due
to the formation of Cr-rich (α′) domains. Figure 11.3 shows APT results obtained
after ageing for 200 h at 450 ◦C [10]; the formation of Cu-rich precipitates and Ni-
Mn-Si (NMS clusters) is shown. In 15-5 PH similar behaviour has been reported:
formation of Cu-rich precipitates as BCC, 9R and FCC, clustering of Ni-Mn-Si and
formation of some NbC [14–16]. In other alloys like the PH13-8, the strengthening
is due to the formation of β-NiAl [17]). Common applications of these commercial
steels include valves, shafts, gears, surgical tools, razor blades, aircraft frames and
turbine blades.

11.2.2 Role of the Alloying Elements

Alloying plain carbon steels (Fe-C) with substitutional or interstitial chemical
elements influence the microstructure and properties of steels in different ways and
provide them with a great versatility. Figure 11.4 summarizes the chemical elements
intentionally used in the composition of stainless steels [18]. The main ones, used in



11 Stainless Steels 469

Fig. 11.3 (a) Atom probe maps of alloy 17-4 PH SS aged at 450 ◦C for 200 h after solution
treatment at 1040 ◦C for 1 h; (b) Cu-rich precipitates and NMS (Ni-Mn-Si-rich precipitates)
delineated by 10 % isoconcentration (yellow) and 15 % isoconcentration surfaces (green),
respectively. (c) The 1D profiles across ROI-1 and (e) ROI-3 centre along the direction of the
arrow. (d) The 1D profiles across ROI-2 are from centre and perpendicular to the map [10]. ROI
stands for region of interest

all types of stainless steels, have been highlighted with bold font (Fe, Cr, Mn, Si, C).
Nickel (Ni) is another very important alloying element of ASS and PHSS, although
it is not present in MSS and some FSS. Other elements like P, S and O are generally
found as impurities that should be kept to the minimum practical levels; however,
elements like S could be added intentionally to improve the machinability. The rest
of the elements (Ti, V, Nb, Ta, Mo, W, Cu, Al, N, B, Se, Co) are included in the
composition to improve certain properties that vary among steel grades depending
on the family and application [19]. More recently, some other alloying elements
like rare earth elements (La/Ce) have been used in experimental alloys to link S and
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Fig. 11.4 Chemical elements used in the composition of stainless steels. In bold font are the
elements commonly found in all types of stainless steels

improve grain boundary cohesion along with B addition [20, 21]. As follows, the
role of some of these elements is described with more detail.

Chromium (Cr)
This is the most important alloying element since it makes steel “stainless”. Its
effectiveness stems from its high degree of reactivity, which leads to the formation of
an adherent, insoluble and very fine layer (2/3 nm) of chromium oxide, (Fe,Cr)2O3
that shields the metal from uniform and localized attacks. The minimum content
necessary to make the steel stainless varies a bit among available reports between
10.5 and 12.0 wt.-% [22]. The corrosion resistance of stainless steels increases with
its content, and, under more aggressive environments, a much higher content is
necessary to maintain the stability of the protective oxide layer. In addition, Cr also
increases the resistance to oxidation at high temperatures and promotes a ferritic
microstructure at room temperature. As it has been discussed before, this element
may form stable carbides M23C6, formation of which at the grain boundaries may
lead to localized intergranular corrosion (sensitization) and failure [8]. In addition,
Cr also promotes the formation of intermetallic phases during ageing in service
conditions (σ- and χ-phase) which could again reduce the corrosion resistance of
the steel [23]. These phases may contribute to the mechanical embrittlement and a
reduction in toughness.

Carbon (C)
It is an important alloying element in all ferrous metal-based materials. It is a very
strong austenite stabilizer. In solid solution or precipitated as nanocarbides, carbon
increases the strength of steel profoundly. In ASS, FSS, PHSS and DSS, it is kept
to low levels (below 0.15–0.2 wt.-%). In MSS, the carbon content might be higher
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and intentionally added in amounts varying from 0.1 wt.-% to 1.2 wt.-% to promote
the formation of martensite by heat treatment (austenitization plus quenching) and
thus increase both the strength and hardness. The principal effect of carbon on
corrosion resistance is determined by the way in which it exists in the alloy (solid
solution or as precipitates). If it is combined with Cr as coarse carbides (M23C6,
M = Cr,Fe), it may have a detrimental effect on corrosion resistance by removing
some of the Cr from solid solution in the alloy and, thus, reducing the amount of Cr
available to ensure the formation of the protecting oxide passive layer. Thus, if upon
certain heat treatments or service conditions, the precipitation of Cr-carbides takes
place at grain boundaries, this would lead to localized corrosion at those locations
(intergranular corrosion), referred to as sensitization [24, 25]. Besides, the presence
of these coarse chromium carbides of the type M23C6 at grain boundaries promotes
the formation of cavities in service and the failure of the steel [26, 27]. In some heat-
resistant stainless steels Nb/Ti/V/Ta (= M) are added with the aim of promoting the
formation fine carbides (MX; X = C,N) that improve the creep strength. As the
stoichiometry of microalloying carbides is TiC or NbC, to estimate the amount of
Nb/Ti introduced in the alloy, the ratio between the atomic weight of C and Nb or
Ti is used: 7.8 and 4, respectively. Thus, the amount of Nb and Ti is generally taken
as equal or below 7.8 × C or 4 × C, respectively, which assumes that all the carbon
will be linked to Nb or Ti as carbides. The presence of nitrogen modifies slightly the
Nb/Ti considered.

Nickel (Ni)
It is an essential element in the composition of ASS and PHSS. It is also part of
the composition in some MSS and FSS. It promotes the stabilization of austenite
at room temperature, prevents the formation of δ-ferrite at high temperatures and,
thus, makes the steel nonmagnetic. It has no direct influence on the passive layer
but exerts a beneficial effect, particularly in sulphuric acid environments. Besides,
pitting corrosion develops slower in the presence of high Ni contents. It increases
ductility and toughness (decreases the ductile-brittle transition temperature) and is
a moderate strengthener even at cryogenic temperatures. In PHSS and some heat-
resistant stainless steels, it is used to form intermetallic compounds that increase
the strength when combined with elements like Ti or Al (Ni3(Al,Ti), NiAl) [28]. In
novel heat-resistant FSS, creep strength is improved when this element is combined
with Ti/Nb and Si to form the G-phase, Ni16M6Si7, M = Nb,Ti [29, 30]. In
martensitic grades Ni addition combined with low-carbon contents improves the
weldability.

Molybdenum (Mo)
It is used in stainless steels (specially ASS, FSS and DSS) in amounts up to 8 wt.-%
but most commonly in the range of 2–4 wt.-%. This element has great effects in
improving the resistance to pitting and crevice corrosion in chloride environments;
the higher the content, the better the resistance to higher chloride levels. It also
increases the resistance in environments with hydrochloric and dilute sulphuric acid.
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Besides, Mo decreases the tendency of the passive (Cr oxide) films to break down. It
increases the mechanical strength in solid solution, especially at high temperatures
to improve creep strength in creep-resistant steels. However, it strongly promotes a
ferritic microstructure which could be a problem for the toughness and ductility in
some martensitic or austenitic grades. In addition, Mo also enhances the risk for the
formation of deleterious secondary phases, some of which are also rich in Cr (Laves,
σ- and χ-phase), which may cause embrittlement and failure in service [23]. It also
promotes an unstable high-temperature oxide deleterious for the high-temperature
oxidation resistance.

Nitrogen (N)
It strengthens and stabilizes the austenite phase at room temperature. It retards
carbide sensitization and the formation of secondary phases. In combination with
Mo (and Cr), it improves the resistance to chloride pitting and crevice corrosion.
In low-carbon ASS used for welding operations, in which the strength is low,
N is added in small amounts (0.1 wt.-%) to restore the mechanical properties
and increase the yield strength. In Cr-Mn steels of the 200 series and in other
experimental alloys in which Ni is substituted partially or completely by Mn, N is
added in amounts up to 0.4 wt.-% to improve solid solution hardening and corrosion
resistance [31, 32]. In these alloys, the higher the Cr/Mn content, the higher the
solubility of this element in the austenite. However, amounts higher than 0.4 wt.-
% cannot be introduced readily in solid solution using melting and processing
under ambient pressure conditions; thus, more costly techniques are required. In this
regard, powder metallurgical techniques and other more specialized and expensive
techniques allow introducing higher amounts of N [33]. Besides, surface hardening
techniques such as nitriding or nitrocarburizing could be also used to increase the
amount beyond 0.4 wt.-% [34].

Copper (Cu)
It enhances the corrosion resistance in certain acids (sulphuric and phosphoric
acids) and sea water environments. It promotes the retention of austenite in the
microstructure at room temperature and prevents the formation of δ-ferrite at
high temperature in ASS and PHSS. It can be added to decrease work-hardening
and improve the machinability and the formability [35]. It also strengthens the
microstructure by forming nanoprecipitates or atom clusters during the initial stages
of ageing in FSS, ASS and PHSS [16, 36]. In this latter family, these clusters may
also act as nucleation sites for Ni-rich intermetallic compounds in PHSS [37, 38].
Its content should be control and reduced if the steel is used for human implants.
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Titanium (Ti)
It is a highly reactive element; it has a strong tendency to link with carbon, nitrogen,
oxygen and sulphur. This element has been used to fix the C present in solid solution
to prevent the formation of coarse chromium carbides (M23C6) in ASS and MSS;
this way sensitization is minimized and weldability improved [8]. In some ASS,
like AISI 321, Ti is used to provide high-temperature strength (boilers, refinery
applications) through the formation of fine TiC precipitates in the microstructure. It
has also been used in deoxidation practices during steel casting. As it was discussed
above, in novel heat-resistant steels, creep is improved by combining Ti with
Ni/Nb/Si to form the precipitation hardening G-phase, Ni16M6Si7, M = Nb,Ti [29].
In PHSS this element is also used to promote the formation of intermetallic phases
combined with Ni and Al ((Ni3(Al,Ti)). Other uses or consequence of adding Ti are
(i) it increases the hardenability and (ii) improves pitting corrosion by promoting
the formation of Ti2S instead of MnS (which are initiation sites for pitting).

Niobium (Nb)
It is used for similar reasons as Ti. Nb is a strong carbide and nitride-forming
element used to fixed C in solid solution and prevent the formation of coarse
chromium carbides (M23C6) in ASS and MSS [8]. It is extensively used to promote
the formation of NbCN or Z-phase (NbCrN) to improve creep strength in some heat-
resistant stainless steels (ASS and MSS), though contradictory reports can be found
concerning the positive influence of this Z-phase on the creep strength [39, 40].
Long ageing during creep at high temperatures leads to the formation of the Nb-rich
Laves phase (Fe2Nb) from NbCN precipitates reported to be harmful for the creep
strength. It prevents intergranular corrosion, particularly in the heat-affected zone
after welding. In austenitic steel AISI 347, it plays the same role as Ti in alloy 321,
improving the high-temperature strength (creep behaviour). Nb addition improves
the thermal fatigue resistance in ferritic steels.

Vanadium (V)
Similarly to Nb and Ti, this element is also a strong carbide and nitride-forming
element (VCN) and a ferrite stabilizer. Precipitated as carbonitrides it can contribute
to the austenite grain refinement and also to high-temperature strengthening of MSS
[41]. It has been proposed as an alternative element substituting Nb in heat-resistant
steel to avoid the formation of the Laves. However, precipitated as Z-phase during
the early stages of creep deformation has led to an improvement in creep strength
at 700 ◦C [42]. Besides, its lower dissolution temperature compared to other Ti-
or Nb-rich carbonitrides avoids the presence of undissolved coarse carbonitrides
normally present after high-temperature solution heat treatments. It is also used as
a deoxidizer to produce a gas-free ingot.

Tantalum (Ta)
Combined with Nb is used to improve the high-temperature creep behaviour in some
austenitic (grades AISI 330 and 348) and ferritic (grade AISI 436) stainless steels. It
is also used in PHSS to promote the formation of carbides (again combined with Nb)
that strengthens the microstructure by precipitation. In some novel heat-resistant
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MSS, the substitution of Nb by Ta has been proposed to promote the formation
of TaCN instead of NbCN and avoid the formation Laves during service creep
conditions [41]. Improved creep strength has been associated with the formation
stable Z-phase (CrTaN) precipitates in Ta-alloyed MSS [43, 44]. Besides, the use of
Nb has to be minimized in heat-resistant steels for nuclear applications.

Cobalt (Co)
It is employed in MSS to raise the Ms temperature and avoid the retention of
austenite at room temperature. In non-stainless 9–10 wt.-% Cr steels and contrary to
Mo and Cr, Co has been reported to reduce the corrosion resistance [45]. It is a solid
solution strengthener and contributes to stabilize the martensitic microstructure
at high temperatures, delaying its softening in heat-resistant MSS. In addition, it
has recently been added to improve creep strength via the stimulation of a fine
precipitation of intermetallic phases (Laves phase, χ-phase and μ-phase) in FSS
[46]. However, it high prize hampers and limits its usage to some specific very
demanding applications. Besides, steels for nuclear reactors should not be alloyed
with Co because this element becomes highly radioactive when exposed to radiation.

Tungsten (W)
The use of tungsten with Cr strengthens the stability of the protective oxide layer
against corrosion/oxidation by forming WO3. It is also a strong solid solution
strengthener even at high temperatures reason why it is used in MSS intended
for high-temperature structural applications in energy-generating power plants. In
these steels, long holding creep exposure may promote to the formation of the W-
rich Laves phase, which coarsens very rapidly and may lead to the embrittlement
of the alloy. On the contrary, in commercial FSS like Crofer

®
22H and 22APU,

the improvement in creep strength has been associated with the formation of
intermetallic phases like the Laves phase of the type Fe2W [47, 48]. Besides, the
positive influence of W in solid solution on the corrosion resistance and mechanical
behaviour is lost by the formation of this second phase.

Aluminium (Al)
It can provide superior oxidation resistance at high temperatures compared to Cr,
and, as it will be described later in this chapter, it is used in certain heat-resistant
FSS for this purpose [49]. In PHSS and heat-resistant stainless steels, Al is used to
promote the formation of intermetallic compounds (Ni3(Al,Ti), NiAl) that increase
the strength in the aged condition [50–52].

Silicon (Si)
It is a ferrite stabilizer added to steel to assist deoxidation. Small amounts of
silicon, in combination with Mo, improve corrosion resistance in sulphuric acid in
ASS. High-silicon content also improves the resistance to oxidation and prevents
carburization and the formation of carbides at elevated temperatures. This element
promotes the G-phase, along with Ni and Ti, which has been recently shown to
improve the creep strength in some novel heat-resistant FSS [29, 30]. In addition
(i) in small amounts, Si confers mild hardenability to steels; (ii) it may form iron
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silicides and Cr-rich intermetallic phases that could embrittle the microstructure. Its
usage generally lies between 0.3 and 0.75 wt.-%.

Manganese (Mn)
It is found as an alloying element in all types of stainless steel. It is used as
a deoxidizer (forming MnO) prior to the casting of the alloy. It is an austenite
stabilizer used in grades of the 200 series in quantities from 4 to 16 wt.-% to replace
partially the more expensive nickel element; however it is not as strong austenite
stabilizer as Ni (approximately half effective) [53]. Other reasons for its usage as
an alloying element are the following: (i) it improves the strength, toughness and
workability; (ii) it forms MnS rather than iron sulphide inclusions, as these latter
ones may cause hot cracking failure. However, the formation of too many MnS
in the microstructure may be also detrimental to the mechanical properties; (iii) it
increases the solubility of N in solid solution.

Sulphur (S)
The most important beneficial effect of S is to improve the machinability. However,
it also leads to a reduction in the hot workability of stainless steels. In general, the
use of S is minimized as much as possible because it has been for long know that it
provokes grain boundary decohesion and failure in steels.

Phosphorus (P)
It is generally present as an impurity, and its content should be reduced to the
lowest practical levels. It reduces the hot workability during high-temperature
forming operations (forging, rolling) and promotes hot cracking during cooling after
welding.

Selenium (Se)
It improves the machinability of steels; however, it is more expensive than S and its
use should be considered only when other benefits are required. In this regard, Se
improves ductility and toughness compared to S-added steels with the same content.
The use of Se globalizes sulphide inclusions similarly as rare earth elements, which
leads to an improvement in the impact toughness.

Boron (B)
It increases hardenability and grain boundary cohesion by preventing the segre-
gation to grain boundaries of other elements like sulphur or phosphorous or by
segregating on the cavity surface instead of S [20, 21]. In heat-resistant MSS, it
is used to improve the thermal stability of M23C6 carbides and delay its coarsening
rate by entering into the composition of this carbide. In heat-resistant ASS, when
segregated to grain boundaries, it has been suggested to promote a fine precipitation
of the Laves phase in Nb-alloyed grades (Fe2Nb), enhancing the creep strength [54].
Similarly, in heat-resistant alumina-forming ASS, the addition of B (along with C)
promoted a fine and higher coverage of the grain boundaries by Laves phase and
B2-NiAl precipitates and suppressed their coarsening [55].
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11.2.3 Phases and Phase Transformations

As it has been already mentioned above, three different phases may coexist as matrix
phases in the microstructure of stainless steels: austenite, ferrite and martensite.
Other secondary phases, generally in the form of micro- or nanoprecipitates
(carbides, nitrides, oxides, sulphides and intermetallic phases) might be present in
the microstructure depending on the composition, thermomechanical processing or
service conditions. Some of these second phases are promoted intentionally with
the aim of improving the mechanical properties, while others may appear in the
microstructure and reduce the performance or lead to the failure of the steel under
service conditions.

11.2.3.1 Matrix Phases: Ferrite, Austenite and Martensite

The main matrix phase present in the microstructure can be tailored by designing the
steel composition. With respect to the role of the alloying elements in favouring the
formation of any of these three main phases, they can be divided into two groups,
those that stabilize or promote the formation of austenite (austenite stabilizer) and
those that do the same with ferrite (ferrite stabilizers). It must be clarified that
martensite is a metastable phase and a transformation product of austenite; thus,
only if austenite is present in the microstructure of stainless steels, martensite could
be also formed. In this regard, the stability of austenite in ASS, which is mainly
dependent on the steel composition and also on other factors such as the grain
size, will determine its inclination to transform to martensite when subjected to
external mechanical (stresses/strains) or thermal (cooling) stimuli, respectively [56,
57]. Table 11.1 compiles the main austenite- and ferrite-forming elements used in
stainless steels.

Traditionally, the effect of the main alloying elements (Cr, Ni, C, Mn, Si, Mo,
N) on the microstructure of Fe-Cr-Ni stainless steels has been quantified by using
the nickel and chromium equivalent numbers, Nieq and Creq, respectively. These
numbers are especially useful in ASS in which the ratio between Creq and Nieq

Table 11.1 Main austenite
and ferrite-stabilizing
elements used in stainless
steels

Austenite-stabilizing elements Ferrite-stabilizing elements

Carbon Chromium
Nitrogen Molybdenum
Nickel Silicon
Manganese Titanium
Copper Niobium
Cobalt Aluminium

Vanadium
Tungsten
Tantalum
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has been employed to predict the solidification path followed by the melt during
casting and anticipate whether martensite/ferrite, along with the austenite, will be
present in the microstructure, at room temperature, or not. Depending on this ratio
(Creq/Nieq), the solidification modes can be divided into the following four types,
namely, austenitic (A mode), austenitic-ferritic (AF mode), ferritic-austenitic (FA
mode) and ferritic solidification (F mode) [58–61]. The Creq and Nieq suggested by
Schaeffler and DeLong are given in Eqs. (11.1) and (11.2), respectively:

Creq = %Cr + %Mo + 1.5%Si + 0.5%Nb (11.1)

Nieq = %Ni + 30%C + 30%N + 0.5%Mn (11.2)

Afterwards, other researchers have incorporated the effects of more elements in such
expressions [62].

Based on these equivalent numbers, one tool commonly used to predict the
microstructure of high-alloyed steels at room temperature is the Schaeffler diagram
(Fig. 11.5) [63–65]. In this diagram A, M and F stand for austenite, martensite
and ferrite, respectively. Similar diagrams have been developed to undertake these
predictions [66–69]. From this diagram it can be inferred that high Nieq numbers are
required to ensure an austenitic microstructure, while high Creq numbers promote
the formation of ferrite in the microstructure as it would be expected. For Creq

Fig. 11.5 Schaeffler diagram predicting the phase structure for different chemical compositions in
stainless steels as a function of the Nieq and Creq. A, M and F stand for austenite, martensite and
ferrite, respectively [63, 65]
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below around 18 wt.-%, the Nieq number can be used as a measure for assessing the
stability of austenite in stainless steels against the martensitic transformation; the
lower the Nieq is, the higher the tendency to promote the formation of martensite.
This diagram should be only taken as an approximation to reality, as it does not
take into account parameters like the cooling rate which may influence significantly
the microstructure during casting. Nowadays there are more complete and precise
computational tools or thermodynamic/kinetic software, like ThermoCalc/DICTRA
[70], to predict temperature of phase evolution during casting or like MAGMA [71]
that take other factors into account such as the geometry or size of the component
to be cast.

11.2.3.2 Stability of Austenite

The stability of austenite and its tendency to form martensite in stainless steels
have been the subject of multiple surveys because it has a prominent influence on
the final properties of ASS. Besides, ASS comprise most of the world production
of stainless steels (~75 %). In these metastable steels, the austenite-to-martensite
transformation can be promoted in three different ways: (i) mechanically under the
influence of external loads [72–74]; (ii) athermally during continuous cooling [72,
75] and (iii) isothermally (thermally activated) with time at a constant temperature
[76–80]. The first two modes of transformation are better understood as they also
take place in low alloys steels. For example, in transformation-induced plasticity
(TRIP) or quenching and partitioning (Q&P) steels, which are of great interest for
the automotive industry, the thermal and mechanical stability of retained austenite
plays very important role in the final mechanical properties [81–83]. However, the
isothermal formation of martensite is scarcely and mainly observed in high-alloyed
steels or iron-based alloys Fe-Ni, Fe-Ni-Mn and Fe-Ni-Cr [76] but also in high
carbon/nitrogen steels [84]. Besides, the amount transformed is generally very low
(<5 vol.-%) [76, 80, 85] with some exceptions [77]. Additional problems associated
with the investigation of this mode of transformation are the following: (i) it takes
place at cryogenic temperatures and (ii) proceeds very slowly (several hours or even
days), reason why external magnetic fields have been used to accelerate it [79, 86].
For all these reasons, general models able to predict this transformation as a function
of the composition and temperature cannot be found in the literature besides the one
proposed by Ghosh and Olson [87], though with the information provided in this
paper, it is not possible to undertake any quantitative predictions. Models developed
to predict the nucleation and kinetics of martensite formation under the first two
modes have been investigated more extensively but, principally, for low-alloyed
steels [88–92].

The easiest approach to evaluate the thermal or the mechanical stability of the
austenite in stainless steels is through the employment of semiempirical equations
that relate parameters like the Ms or the Md30 temperatures with the chemical com-
position and the grain size of the steel. These temperatures stand for the “martensite
start temperature” during continuous cooling [92–94] and the “temperature at which
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50 % of martensite is obtained in a tension test for a true deformation of 0.3”
in a fully austenitic steel [56, 95], respectively. The larger these values are, the
more unstable the austenite is. Another important parameter of interest is the Mf
temperature, which is the temperature at which the formation of martensite ends,
below the Ms during a continuous cooling treatment. The temperature below which
the isothermal formation of martensite is observed has been defined as MSI or Miso

s
[76, 77, 80]; nevertheless no empirical equations able to predict this or the Mf
temperature are available in the literature up to date. On the contrary, since the
1940s, empirical equations can be found in the literature for the Ms [92–94, 96] or
the Md30 [56, 97]. However, these equations seem to be valid generally for a narrow
range of compositions, and their application should be also made with caution.
Parameter Md30 was proposed by Angel [56] who came up with the following
equation for austenitic stainless steels (composition in wt.-%):

Md30

(◦
C

)
= 413 − 462 (C + N) − 9.2Si − 8.1Mn − 13.7Cr − 9.5Ni − 18.5Mo

(11.3)

Nohara et al. revised existing equations and propose a slightly different expres-
sion that included also the influence of the grain size through the inclusion of the
ASTM grain size number (G) [97]:

Md30 = 551 − 462 (C + N) − 9.2Si − 8.1Mn − 13.7Cr − 29 (Ni + Cu)

− 18.5Mo − 68Nb − 1.42 (G − 8.0)

(11.4)

For the estimation of the Ms, Ishida revised the existing literature and proposed
the following general equation for iron-based alloys:

Ms

(◦
C

)
= 545 − 330C + 2Al + 7Co − 14Cr − 13Cu − 23Mn − 5Mo

− 4Nb − 13Ni − 7Si + 3Ti + 4V
(11.5)

This equation has been recently employed successfully to design martensitic
stainless steels [98, 99]. More complex approaches based on thermodynamic mod-
elling or neural network predictions have been developed to predict this parameter
in steels [90, 92, 93].

Other important parameter to predict the mechanical stability and anticipate what
type of deformation processes will take place within the microstructure of ASS is
the stacking fault energy [73, 100, 101]. This parameter will be introduced more
extensively in Sect. 11.4.1 of this chapter.
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11.2.3.3 Secondary Phases

The composition of stainless steels is designed with high amounts of different
alloying elements because they are intended for very demanding applications,
among which are those requiring (i) very high strength at low/high temperatures
and/or (ii) corrosion/oxidation resistance. In PHSS and some MSS, FSS and ASS,
the composition is tailored so as to allow the formation of different types of nano-
precipitates which are induced via the application of thermal or thermomechanical
treatments (carbonitrides, (TiNbV)(CN); intermetallics, η-Ni3(Ti,Al), β-NiAl, G-
phase, Laves phase, Z-phase, Cu-rich precipitates [16, 21, 36, 37, 50, 98, 102–105]).
The presence of these precipitates may play the following roles:

(a) Represent pinning obstacles to the movement of dislocations, delaying crack
formation and propagation, and, thus, increasing the yield/tensile and/or the
creep strength.

(b) Prevent the sensitization of the microstructure that leads to stress corrosion
cracking. Along with these desirable precipitates, others many form (M23C6,
σ, χ, Laves) that generally lead to the fragilization of the microstructure [8,
24, 106], although phases like M23C6 or the Laves have been associated
to creep strength improvements in heat-resistant steels [39, 47, 105]. When
their presence is unavoidable, alloying strategies are used to minimize their
detrimental influence on the properties, though this is not always possible.

Table 11.2 summarizes the different phases, crystal structure, lattice parameters,
formation range of temperatures and chemical formula of the most important second
phase precipitates that have been found in stainless steels. Some of them will be
mentioned extensively throughout this chapter because their presence or absence
affects the properties of these steels profoundly.

11.2.4 Production and Processing

Stainless steels are produced in an electric arc furnace where all the raw materials
are melted together [111]: high carbon ferrochromium alloy (generally contains
~50 wt.-% Cr plus Si and C), stainless steel scrap, conventional steel scrap and
sometimes Ni and Mo. The melting process requires up to 12 h; the arc typically
reaches up to 3500 ◦C and the molten steel up to 1800 ◦C. The molten material
is then transferred into an AOD (argon oxygen decarburization) vessel, where the
carbon levels are reduced using a reduction mix that contains Si, Al and lime (the
molten mixture generally contains around 1.5–2.0 wt.-% C and most stainless steels
normally contain after casting low-carbon levels below 0.1 wt.-%). In this process, a
mixture of argon and carbon is injected forcing the carbon to combine with oxygen
and forming CO that is liberated from the melt [112]. Some alloying elements might
be also added at this stage. An alternative decarburization method to obtain very
low C and N levels is the vacuum oxygen decarburization (VOD). This method
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does not necessarily need the injection of Ar along with O and has the advantage of
reducing the sulphur content down to very low levels (0.001 wt.-%). Other methods
combine both systems or have developed a vacuum AOD or V-AOD (also called
vacuum converter refiner, VCR), to take advantage of the benefits of the two systems
[113]. Next, to obtain high-quality stainless steels, secondary metallurgy plays an
important role. The aim is to make the final adjustments in the composition of the
steel. In this process, the molten steel undergoes various metallurgical operations in
the ladle, involving the removal of unwanted inclusions and the addition of minor
alloying elements like Ti, Nb, Cu, etc., to fine tune the final composition.

Subsequently, to produce different semifinished forms, the ladle is transported
to a continuous casting machine to obtain the slabs or casting area to obtain
ingots/blooms/billets. During the continuous casting, the melt goes through a nozzle
into the tundish and then through a submerge entry nozzle into a water cool copper
mould; water spray cooling below the mould and between the rollers is used to
solidify the melt and produce a solid strand of steel. The strand is continuously
cooled until it reaches the straightening zone and the cutting station to make the
slabs of the desired length.

After producing the slabs, blooms and billets, these products are subjected to
different forming operations that involved, for example, hot rolling or hot forging
to be flattened or reshaped. This process is carried out above the recrystallization
temperature of the stainless steel, which allows obtaining a recrystallized and
equiaxed microstructure after rolling. Slabs are heated above 1200 ◦C before putting
into the rolling mill train. Mills are generally composed of several rolling stands.
The finishing train is an exit roller, run-out table with a cooling system followed by
a coiler. The cooling system is a set of lamellar water cooling banks with controlled
water flow that ensures that the desired coiling temperature is obtained before
reaching the coiler. After the hot rolling, the flatten slabs may also undergo a cold-
rolling process to further reduce the thickness and create plates and sheets/strips.
According to the standard practice, plates are generally referred to as thicker than
4.76 mm and sheets/strips thinner than this size [114]. The blooms/billets can be
also heated in a furnace or by induction prior to hot rolling or drawing into smaller
diameters to make, for example, bars and wires. In this case, the hot rolling process
is very intense because all sides are rolled at the same time; so to prevent the
temperature from increasing too much, rolling speed has to be controlled, and a
cooling system has to be implemented. Bars could have different cross section
geometries: circle, square, rectangle, hexagons, etc., or even complex shapes in the
form of H, I, U or T [115].

After hot rolling, most stainless steels receive an annealing and pickling treat-
ment. The annealing depends on the steel grade, and it is usually carried out in a
continuous annealing line. With this heat treatment, internal stresses are relieved,
and the structure is softened after the thermomechanical processing [109]. After
the heat treatments, steels follow a descaling process. The scale that builds up on
the surface of the steel during hot rolling and annealing is removed by different
methods: (i) one is pickling; a mix of acids (nitric, hydrofluoric and, sometimes,
sulphuric acids) is used to remove the furnace scale. This system is composed of
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Fig. 11.6 The making of stainless steel. (Image taken from the webpage of “The Specialty Steel
Industry of North America (SSINA)” voluntary trade association [116])

a series of baths followed by high-pressure water rising and drying; (ii) electro-
cleaning uses an electric current and phosphoric acid to descale. The descaling helps
promoting the passive surface film that naturally occurs in stainless steels [117].
Annealing and descaling may be repeated several times during the manufacturing
process after different forming operations [114, 118, 119]. The most modern
processing facilities include a continuous annealing and pickling lines (CAPL) or
RAP lines (rolling, annealing and pickling processes are carried out one after the
other in the same processing line [113, 115, 120]). After hot rolling, annealing
and pickling, the cold-rolling mills employed to produce sheets/strips use a cluster
configuration of small-diameter working rolls, backed by layers of larger supporting
rolls. Typical configurations are the Sendzimir 20-high or Z-high mills [113]. These
mills are equipped to measure the thickness, profile and flatness. Characteristic cold-
rolling reductions are 50–90 % and depend on the work-hardening behaviour of
each steel grade. As this process occurs below the recrystallization temperature
of the steel, deformation accumulates inside the material, increasing its strength
but reducing the ductility. Again, after cold-rolling, annealing and pickling are
necessary to recrystallize the microstructure and descale the surface. However,
descaling could be also mechanical in cases where the scale is resistant to acidic
solutions used in pickling. Other finishing methods use a protective atmosphere
(hydrogen/nitrogen) free of oxygen (so-called bright annealing furnace), no scale
forms and the pickling step is not required. The hot rolling and cold-rolling lines can
be part of the same line when the target plate thickness is above 2–3 mm. Finally,
a skin or temper pass rolling may be applied; it involves a reduction of around
1 %, and it is used to remove surface defects, improve strip flatness and shape,and
thus obtain a high-quality surface with optimum desired mechanical properties. To
improve deep drawability and surface quality of FSS, continuous yielding is usually
preferred for lower yielding ratio and elimination of Lüders bands, effect that is
usually observed even in ultralow purified FSS [121, 122]. Skin pass rolling is
very useful to FSS because it breaks the Cottrell atmospheres that link interstitials
(C,N) and dislocations, preventing the yield point phenomenon and Lüders band
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formation during subsequent forming operations [123]. However, this process has
also been associated with other problems, like longitudinal buckling that results in
the formation of wrinkles [124].

To obtain the final size and shape, finishing operations are applied before
sending the steels to the customers/end users. Some end users also implement these
additional processing steps within their production plants depending on the final
component. These may involve [115, 125–129] (i) levelling of the plates/sheets;
(ii) edge trimming and slitting the coils to narrower dimensions; (iii) straight/circle
shearing using guillotine knives; (iv) sawing with high speed blades; (v) blanking
using punches or dies; (vi) nibbling; (vii) flame cutting or plasma jet cutting;
(viii) bending, spinning or roll forming; (ix) press forming (deep drawing, stretch
forming, ironing or hydroforming); (x) hole flanging; (xi) machining (milling,
turning, drilling, threading); (xii) grinding application of a plastic film coat for
surface protection; (xiii) edge preparation for welding or (xiv) welding.

11.3 Strengthening and Ductilization Mechanisms

Steels offer a wide range of mechanical properties because there are many ways of
strengthening them. Although quantifying the different strengthening mechanism
is not an easy task, the different contributions are generally described using the
following mathematical expression for the yield strength (σ y) [130]:

σy = σ0 + σss + σgs + σρ + σppt (11.6)

where σ 0 is the friction stress for pure iron and σ ss, σ ppt, σ gs and σ ρ are the
contributions to the strengthening due to the solid solution, the precipitation,
the grain size and the dislocations, respectively. However, several authors have
discussed that the previous expression might overestimate the dislocation forest and
precipitation hardening terms [130–132]. Thus, alternative expressions have been
suggested in which the overall strengthening obey a quadratic mixture law, resulting
in this modified expression:

σy = σ0 + σss + σgs +
√

σ 2
ρ + σ 2

ppt (11.7)

In the following sections, the different strengthening mechanism will be dis-
cussed with more detail.
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11.3.1 Friction Stress

The friction stress, σ 0, for pure BCC annealed iron, in the absence of defects, has
been estimated or considered to have a very wide range of values in the literature,
from ~219 MPa [133] to 50 MPa [132]. For FCC metals it has been taken as
negligible and around 0–1 MPa [134].

11.3.2 Solid Solution Strengthening

Solid solution strengthening (SSS) has its origin in the presence of alloying elements
other than Fe in the steel crystal structure. These foreign atoms, interstitial or
substitutional solutes, possess different atomic radii compared to Fe which create
distortion of the crystal lattice and, thus, stress fields. Thus, SSS occurs when the
strain fields around solutes interfere with the motion of dislocations as they move
through the lattice during the application of plastic deformation. Substitutional and
interstitial atoms in solid solution produce different lattice distortions in the face-
centred cubic (FCC) and body-centred cubic (BCC) crystal structures. Substitutional
atoms produce isotropic strains in the BCC crystal structure of ferrite that only
interact with the hydrostatic components of the strain fields of dislocations. In
contrast, interstitial atoms (carbon or nitrogen) produce tetragonal distortions that
interact with the shear, dominant component of dislocations strain field. This is why
interstitial SSS is so potent in ferrite. On the contrary, an interstitial atom in austenite
behaves like a substitutional solute in ferrite, which is why carbon is less effective
as a strengthener of austenite [135].

Linear models have been considered by several authors to quantify the SSS
and relate the yield strength with the composition of stainless steels and other
alloys [136–140]. These models propose linear dependence equations as it was
summarized by Sieurin et al., [140]. These authors, based on the classical theory
of Labusch-Nabarro [141, 142] proposed Eq. (11.8), dependent on the misfit size
parameter, εb, associated with each chemical element (i), to weight the influence of
each element on the solid solution (Eq. (11.8)) and a factor KLN :

σss = K
∑

i

εn
biC

p
i + ANN1/2 (11.8)

With p = 2/3 or 1; n = 4/3 or 1, Ci the concentration of alloying element i in solid
solution and AN being the strengthening factor of nitrogen (N). K adopts different
values depending on the value of exponents n and p. For p = 4/3 and n = 2/3,
K=KLN which has a model value given by [140]:

KLN = 1.1 × 10−3 Mβ4/3w1/3G

b1/3 (11.9)
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This equation takes the influence of nitrogen separately. In Eq. (11.9), M is the
Taylor factor (3.06), β = 16, and w is set to 5b and G the shear modulus (76 GPa).
Introducing these values in Eq. (11.9) gives KLN=17,100 MPa. Other equations
proposed by Sieurin et al. define a strengthening factor (Ai) to weight this influence
of each chemical element (i) according to [140]:

σss = K1 +
∑

i

AiC
p + ANN1/2 (11.10)

With a K1 a constant. The strengthening factors combine both size misfit and
modulus misfit effect and are usually determined from experiments. The above
equations also contained three additional factors to consider the influence of the
amount of delta ferrite (varying linearly), the thickness of the sample (plate/sheet)
tested and the austenite grain size; following these last two terms is a Hall-Petch
type of relationship. To obtain quantitative estimations using Eq. (11.8), misfit
parameters for stainless steels are necessary and only available for ferrite but not for
austenite, although they could be calculated using the Vegard’s law [143]. Multiple
regression analysis using data from 65 ASS was carried out by these authors to
evaluate the hardening coefficients for different values of exponents n and k. The
most simple and widely used expression in the literature takes n = p = 1; the values
obtained in this case for the contribution to the yield strength (σ ss), tensile strength
(Rm) and elongation (εL) are given in Table 11.3.

Sieurin et al. reviewed the information available in the literature related to the
strengthening factors, for different chemical elements in ASS, including the influ-
ence of the austenite grain size and the amount of delta ferrite. The strengthening
factors (Ai) summarized in their paper to calculate σ ss are provided in Table 11.4
along with some additional values; equations and strengthening factors to calculate
the tensile strength (Rm) or the elongation can be also found in this paper. As it
can be concluded after comparing the different values, the scatter found in the
strengthening parameters is very large among the different researchers.

An equation similar to Eq. (11.10), with p = 1 and treating N similarly as
other alloying elements, has been used extensively to describe the SSS in ferritic
and martensitic steels [99, 130, 148, 149]. Table 11.5 provides Ki values for some
alloying elements in ferrite that have been compiled by Lu et al. and used to design
creep-resistant MSS [99]. The values shown in this table have been determined for
ferritic binary Fe-M systems. The effect of Cr in solid solution (not given in this
table) has been generally reported negligible (0) [150] or even negative (−31) [130];

Table 11.3 Strengthening factors (Ai) of some alloying elements in austenite for ASS using Eq.
(11 10) with p = 1 to calculate yield strength (σ ss) and tensile strength (Rm) [140]

Element K1 N Cr Ni Mo Mn Si

σ ss, Ai (MPa/at. fraction) – 77 7 2.9 – 20 33
Rm, Ai (MPa/at. fraction) 172 123 19 −4.3 9.8 – –
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Table 11.5 Strengthening factors (Ai) of some alloying elements in ferrite [99]

Element C, N Ni Ti Mo Al Co V Mn Si W

Ki (MPa/at.-%) 1103.4 19.2 17.9 15.9 9.0 2.1 2.0 16.9 25.8 31.8

this is understandable given the small atomic misfit between Cr and Fe and their
equal BCC crystal structure.

More complex computational models have been developed recently for different
metals, high-alloyed steels, like high-entropy alloys that take these effects into
account [151–155]. These could give predictions that are more accurate though at
the expense of computational time.

11.3.3 Dislocation Strengthening

Dislocations can be introduced in the microstructure by promoting, for example,
the martensitic transformation and/or by the application of plastic deformation. In
this regard, Fig. 11.7 demonstrates how cold-working can significantly modify the
strength-elongation balance of different commercial austenitic stainless steels of the
200 and 300 series. The results are compared with the mechanical properties of
some selected commercial automotive steels [83]: TRIP (transformation-induced
plasticity), DP (dual phase), CP (complex phase), IF (interstitial free), HSLA (high-
strength low-alloyed), BH (bake hardening) steels and a commercial aluminium
alloy Al6061-T4 (T4 = solution treated and naturally aged) [156]. Work-hardening
of these ASS during plastic deformation not only occurs by storing deformation
(dislocations) in the austenite but also by the formation of strain-induced martensite
(SIM) from the austenite via the TRIP effect [91, 157, 158]. The austenite in these
steels is metastable, and its tendency to transform to martensite depends on the
composition and other parameters like the grain size. This will be further discussed
in the examples exposed in Sect. 11.4 of this chapter.

The strengthening contribution from dislocations has been estimated in the past
using Eq. (11.11) in its more general formulation, where δ has been taken as the
cell diameter in FCC metals [159] or the lath width in martensitic steels [160], M is
the Taylor factor (2.9–3.06), α1 (0.2–0.3), α2 (2–3) are constants, b is the Burgers
vector, G is the shear modulus (76–80 GPa) and ρ is the dislocation density ([53,
134, 159, 161]):

σρ = Mα1Gb
√

ρ + Mα2Gb

(
1

δ

)
(11.11)

However, the second term of this expression is generally not included in many
formulations [91, 162]. Dislocation densities can be evaluated experimentally by
means of neutron or X-ray diffraction, since the peak broadening of a particular
line, corresponding to an interplanar d spacing, can be considered related only to the
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Fig. 11.7 Tensile strength versus elongation of various commercial ASS grades in annealed
and work-hardened condition compared to automotive steels (TRIP700, CP1000, DP600, IF260,
HSLA220, BH180) and aluminium alloys (Al6061-T4, Al2017) [156]

Table 11.6 Values for the lattice parameters and Burgers vector for FCC and BCC crystal lattice

Symbol Meaning Value

a Lattice constant abcc = 0.286 nm
afcc = 0.356 nm

b Magnitude of the Burgers vector bbcc = abcc
√

3/2 = 0.249 nm
bfcc = afcc

√
2/2 = 0.254 nm

elastic microstrains, εmicro. Christien et al. derived an expression for the dislocation
density [163]:

ρ = 3E

Gb2
(
1 + 2ν2

)ε2
micro (11.12)

where E is the Young’s modulus (200 ± 15 GPa) and ν the Poisson’s ratio of the
steel (0.3). For martensitic microstructures, the following expression was derived
recently as a function of the dimensions of the martensite laths (with the lath section
Alath=wlath dlath):

ρ = 3E

G
(
1 + 2ν2

) 4ε2wlath

bd2
lath

(11.13)

Table 11.6 shows typical values for the lattice parameters and Burgers vector for
FCC and BCC crystal lattices.
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11.3.4 Precipitation Strengthening

This is a very important strengthening factor in PHSS and heat-resistant steels. The
composition of these alloys is tailored to promote the formation of nanoprecipitates
that strengthen and/or stabilize the microstructure at low and high temperatures
during service conditions depending on the intended application [11, 48, 49, 164].

The precipitation strengthening effect relies on the interaction between pre-
cipitates and dislocations. Essentially, precipitation strengthening is achieved by
promoting the formation of second phase nanoparticles via ageing treatment
at intermediate temperatures (400–700 ◦C). These particles act as obstacles to
dislocation movement, increasing the yield strength or critical resolved shear stress
(CRSS) of the material; in other words, the shear stress at which permanent plastic
deformation first occurs in an annealed single crystal. The degree of strengthening
obtained is not only highly dependent upon the volume fraction and the size of
particles but also on the structure of the particle (whether it is an ordered particle
or not) and the nature of the dislocation-particle interaction [165]. There are two
possible dislocation-particle interactions as a function of the particle nature:

(a) Impenetrable particles: The dislocation will avoid the particle by the well-
known Orowan looping mechanism, by cross-slipping or climbing, and the
particle will remain unchanged. In this case the actual strength of the particle
is irrelevant since the bypassing operation depends only upon the interparticle
spacing (Fig. 11.8a). Impenetrable particles are those whose interface has
very different atomic configuration with the matrix, and, therefore, the misfit
between their interatomic distances (εmisfit) may be larger than 25 %. Since
incoherent particles are characterized by a high interfacial energy (~0.5–
1 J/m2), their equilibrium shape will be roughly spherical. The contribution to
the strengthening provided by the looping of dislocations assuming spherical
precipitates can be approximated by employing the Ashby-Orowan Eq. [166]:

σppt =
⎛

⎝
0.538Gb

√
V

p
f

X

⎞

⎠ ln

(
X

2b

)
(11.14)

where V
p
f is the precipitate volume fraction and X is the particle mean diameter

(mm). The other parameters have been defined before. In the literature other forms
of this equation can be found:

σppt =
(

2Gb∅

4π (L − X)

)
ln

(
L − X

2b

)
(11.15)

with ∅ = (1 + 1/(1 − ν))/2 and L the distance between particles expressed by:
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Fig. 11.8 (a) Schematic illustration of the strength variation versus particle size for the two
possible interactions: (1) glide dislocations with penetrable ordered particles by particle shearing
or cutting mechanism (this generates new interfaces and antiphase boundaries (APB) and (2)
interaction with impenetrable particles by Orowan bowing/looping or bypassing [160]; (b)
measured and calculated yield strength from the different models and the approach by Schnitzer et
al. [169] for alloy PH 13-8

L =
((

1.23 ·
(

2π/3V
p
f

))1/2 − X(2/3)1/2
)

(11.16)

Ansell and Lenel [167] revised this theory and concluded that contrary to the mech-
anism proposed by Orowan in which yielding occurs when the dislocations move
past the precipitates, leaving residual sloops surrounding them, they considered that
yielding takes place only if the particles deform plastically or fracture. In their
expression, the influence of the precipitate size was not considered. This expression
has been employed by other authors [168, 169]:

σppt =
(

2G′

4C

)
⎛

⎜⎜⎝

(
V

p
f

)1/3

(
0.82 −

(
V

p
f

)1/3
)

⎞

⎟⎟⎠ (11.17)

with C a constant (30) and G
′
the shear modulus of the precipitate (Ni3Ti = 55.16 GPa

[168]; NiAl = 49.65 MPa [169, 170]).

(b) Penetrable particles: If the strength of the particle is such that the maximum
resistance force is attained, then particles will be sheared, and the dislocation
will pass through the particle (Fig. 11.8a). When a dislocation shears a particle,
it passes from the matrix into the particle due to the continuity of slip planes
across the matrix/particle interface. This situation can only arise when the
precipitate/matrix interface is fully coherent or semi-coherent, and, thus, there is
no or little misfit (εmisfit<25 %) between the lattices. Whereas the strengthening
after Ashby-Orowan is only dependent on the volume fraction and the diameter
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of the particle, the strength increment from dislocation shearing is influenced
by the intrinsic material properties and crystal structure. There are five factors,
listed in Table 11.7, that contribute to increase the yield strength, the first three
being the most important.

To estimate the strength increment from precipitates, the operative mechanism
must be first identified, although it may also change. Usually, at early stages of
the precipitation sequence, particles nucleate coherently with the matrix, since
it is energetically more favourable than the creation of an incoherent interface,
enhancing a particle shearing mechanism. However, as the particles grow with the
ageing time, they tend to become semi-coherent and incoherent as the energy of the
strained coherent interface becomes greater than that for an incoherent interface.
This loss of coherency occurs when the particle reaches its critical radius, which is
of the order of 5–10 nm and results in a change in the mechanism from shearing
to Orowan bypassing (Fig. 11.8a). Schnitzer et al. [169] applied these models to
estimate the yield strength of PH 13–8Mo after ageing at 575 ◦C for different times
and found that none of the models gave reliable predictions due to the consideration
of an average particle size. Using a distribution of precipitate sizes and assuming
that some are sheared and some bypassed significantly improved the model outcome
(Fig. 11.8b and Table 11.7).

11.3.5 Strengthening Due to Grain Size Refinement

Grain size refinement is one of the predominant strengthening methods for improve-
ment of strength and toughness in steels, as well as in other metals. The well-known
Hall-Petch equation (Eq. (11.12)) describes the strengthening due to grain bound-
aries (σ gs) and establishes that the strength is inversely proportional to the square
root of the mean grain size (d) and proportional to the Hall-Petch coefficient (kHP)
[173, 174]:

σgs = kHPd−1/2 (11.18)

This microstructure property dependency has been validated for a wide range
of grain sizes in metals in general and stainless steels in particular. However, the
validity limit of this expression appears to be at about 20 nm of mean grain size,
value beyond which the strengthening decreases. There exists extensive literature
concerned with ASS [175–181]. In the case of martensitic steels (stainless or not),
the microstructure is more complex, showing a hierarchical microstructure that
consists of prior austenite grains, packets and blocks (~1–5 μm), all of which
are high-angle grain boundaries (HABs) with an angle of misorientation generally
considered as greater than 10–15 ◦. Blocks are subdivided into martensitic laths
(<1 μm), defined as low-angle grain boundary (LAB) regions with similar angles of
low misorientation (Fig. 11.9). Lath boundaries due to its low angle are generally
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Fig. 11.9 Hierarchical microstructure of martensitic steels [160]

considered as transparent to the dislocation movement, and, thus, block size should
be considered as the strengthening grain size. However, as discussed by Kim et al.,
the very high dislocation density of fresh or low-tempered martensite as well as
the large number of lath boundaries could contribute significantly to strengthening
[130].

The refinement of the microstructure is held as a unique mechanism for improv-
ing strength and toughness, and one of the key methods to achieve it is through
thermomechanically controlled processing (TMCP), which involves controlling the
hot deformation processes such as rolling, controlled cooling and direct quenching,
in order to change its shape and refine the microstructure [182]. The deforma-
tion leads to a breaking down of the original coarse microstructure by repeated
recrystallization of the steel. However, it is difficult to obtain nanograined/ultrafine-
grained (NG/UFG) ASS by conventional TMCP [183]. Nowadays, these limitations
can be overcome by using sever plastic deformation (SPD) processes such as
equal channel angular pressing (ECAP) [184, 185], high-pressure torsion (HPT)
[186, 187], multiple compression or multidirectional forging (MDF) [188–191],
hydrostatic extrusion [192] or cold-rolling [178, 181, 193]. The refinement of
the microstructure using different approaches and its impact on the mechanical
properties will be introduced with more detail in the following section.

11.4 Latest Developments

This section reviews some recent investigations concerned with the development
of novel stainless steels of different types and in the understanding of their
transformation behaviour under different thermal and thermomechanical condi-
tions: metastable ASS (Sect. 11.4.1), ultrafine or nanostructure stainless steels
(mostly metastable ASS, Sect. 11.4.2), PH/maraging stainless steels (Sect. 11.4.3),
quenching and partitioning (Q&P) stainless steels (mostly MSS, Sect. 11.4.4) and
heat-resistant stainless steels (ASS, FSS and MSS; Sect. 11.4.5). It becomes difficult
to include all steel grades that have been developed recently; the intention is to
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cover the main research trends regarding stainless steels with a main focus on their
mechanical behaviour.

11.4.1 Metastable (TRIP) Stainless Steels

In this context, metastable stainless steels will be referred to as those having a fully
(or almost fully) metastable austenitic FCC microstructure at room temperature.
This metastable austenite, present at room temperature, can be transformed to
martensite (α′ or ε) under externally applied mechanical strains/stress [157, 158,
194] or/and upon cooling (athermal martensite) [72] or isothermal holding [79, 80]
below room temperature. Several reports have also shown that the application of
external magnetic fields can accelerate this transformation [77, 78]. Alloys that
transform upon cooling to cryogenic temperatures show a faster transformation
kinetics when subjected to mechanical strains/stresses as the mechanical energy
provided adds to the thermodynamic chemical energy, speeding up the nucleation
of martensite. Existing commercial ASS of the 300 and 200 series are metastable
steels, and they would be included in this section [195]; however, the focus
here will be placed on developments carried out outside the standard commercial
grades (AISI 304, 316, 321, 347, 201, 204). There exists extensive research in
the development of high- and medium-manganese metastable steels [196] and low-
alloyed TRIP steels [182, 197]; as these are not stainless, they are outside the scope
of this chapter and will not be considered.

The mechanical properties of metastable stainless steels depend strongly on the
mechanical stability of the austenite. High strength is usually coupled with low
ductility. Nevertheless, the transformation-induced plasticity (TRIP) associated with
martensitic transformation during plastic deformation of this type of steels leads
not only to an enhancement of the strength but also an increase in the uniform
ductility, facture toughness, wear resistance and fatigue resistance [181, 198–200].
For this reason, understanding the parameters that influence the metastability is
of key importance to control the mechanical behaviour of existing stainless steels
and design novel TRIP steels. The occurrence of the martensitic transformation,
the TRIP effect, and, thus, the stability of the austenite depend on the stacking
fault energy (γSFE), the initial microstructure and deformation conditions. The γSFE
depends mainly on the composition and temperature [201–203]. Depending on the
γSFE, the shear bands generated during plastic deformation can be in the form
of hexagonal close-packed ε martensite, mechanical twins and planar slip bands.
In this regard, it has been reported that low values below 20 mJ m−2 yield the
formation of martensite, ε (hcp) and/or α′ (bcc), and if both phases are present,
the sequence of transformation follows γ → ε → α′ [32, 73, 75, 201, 204],
with ε serving as nucleation sites for α′. For values between 15 and 20 mJ m−2,
TRIP (α′) and twinning could coexist [205, 206], and the transformation sequence
would now follow γ → γtwin → α′, though, in this case, there are contradictory
reports regarding whether the twins would act as nucleation sites or not. Tian et al.
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Fig. 11.10 Schematic diagram of the correlation between deformation structure and SFE in Fe-
Cr-Ni alloys with Ni variation. SB shear band, SF stacking fault [73]

investigated Fe-Cr-Ni alloys with different Ni contents (10–12 wt.-%) and observed
that the nucleation of α’ takes place only at the intersections of shear bands in
the presence of twins and cannot occur without the presence of ε [73]. Figure
11.10 provides a diagram in which these authors summarized the nucleation sites
for α′ as a function of the γ SFE for Fe-Cr-Ni alloys based on their experimental
observations (Fig. 11.11). In contrast, other authors have shown that, for example, in
AISI 316 cold-rolled or cold-drawn samples, the nucleation of martensite occurred
at the intersection of austenite grain boundaries with twins or at the intersection of
twins, respectively [207]; whereas in AISI 304, Shen et al. verified that α′ nucleated
preferentially at ε martensite or at intersections of deformation twins [205]. In novel
experimental Fe-Cr-Mn-Ni alloys in which high amounts of Mn (6–10 wt.-%) have
been introduced substituting Ni, no sign of α′ nucleating on twins is mentioned. For
low cold-rolled reductions, nucleation occurs at grain boundaries and slip bands,
and for large reductions, γ → ε → α′ seem to be an additional mechanism, but no
nucleation on twins has been addressed [32]. Finally, for γ SFE values between 20
and 30–45 mJ m−2, only mechanical twinning operates [91, 208], and, above 30–
45 mJ m−2, the deformation process is controlled mainly by dislocation glide, and
no phase transformation takes place [196]. The threshold values provided above that
set the end of the γ → ε, γ → γtwin or γ → α′ as the stacking fault energy increases
varies slightly depending on different reports available in the literature; thus, those
values should be taken as an approximation.

There exist several reports, some of them very recent, in which composition
dependent expressions have been derived for γ SFE in austenitic stainless steels.
Besides a number of models (thermodynamic, ab initio) have been proposed to
predict this parameter [91, 100, 101, 209–213]. Meric de Bellefon et al. recently
reviewed several of these expressions and applied a multivariate linear regression
with random intercepts to propose a new general expression that would overcome
the limitations and problems of previous formulations [209]:
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Fig. 11.11 Deformation structure at 10pct cold-rolling reduction for (a) alloy Fe-18Cr-10.5Ni, (b)
alloy Fe-18Cr-11Ni (IPF-b: mechanical twinning) and (c) at 30 % cold-rolling reduction for alloy
Fe-18Cr-11.5Ni [73]. Alloy chemistries are in wt.-%

γSFE

(
mJ m−2

)
= 2.2 + 1.9Ni − 2.9Si + 0.77Mo + 0.5Mn

+ 40C − 0.016Cr − 3.6N
(11.19)

In this equation, the composition is in wt.-%. In addition, Galindo-Nava
and Rivera-Díaz-del-Castillo proposed the following expression to estimate the
temperature-dependent variation of γ SFE (with T in K) [91]:

γSFET

(
mJ m−2

)
= γSFE + 0.05 (T − 293) (11.20)

Equation (11.19) shows that interstitial elements have a profound effect on
γ SFE and, therefore, on the mechanical stability of austenite, the deformation
mechanisms, the sequence of nucleation of martensite and the mechanical properties
[212, 214–217]. Especially the carbon content has been identified as the main source
of error in the determination of semiempirical equations for the γ SFE because small
fluctuations in its content or inaccuracies in its determination may result in important
variations in this parameter [209]. Lee et al. observed that increasing the amount
of carbon (0.15–0.42 wt.-%) in a Fe-18Cr-10Mn-0.4 N (wt.-%) alloy changed
the deformation products present in the microstructure following this sequence:
α′ → α′ + twins→twins [214]. A similar effect was observed by the authors
for nitrogen in Fe-18Cr-10Mn-N (wt.-%) alloys [214, 218]. Jeon and Chang also
observed the mechanical stabilizing effect of N when added to a AISI 301 steel and
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Fig. 11.12 (a) Changes in volume fraction of deformation-induced α′-martensite as a function of
thickness reduction by cold-rolling in an AISI304 steel; (b) changes in volume fraction of athermal
α′-martensite upon cryogenic cooling [215]

the inhibition of α’ formation for high contents [74]. Masumura et al. determined the
evolution of strain-induced martensite with the cold-rolled reduction in three steels:
(i) AISI 304 alloyed with 0.1 wt.-% C, (ii) AISI 304 alloyed with 0.1 wt.-% N and
(iii) non-alloyed AISI 304, concluding that the mechanical stability of an AISI 304
carbon-added steel is slightly higher than that of nitrogen-added steel but only for
large reductions (Fig. 11.12a), while they observed that the thermal stabilization
effect of carbon is much weaker than that of nitrogen. In the 0.1 wt.-% N steel, no
athermal martensite was detected during down to 4 K, while for the 0.1 wt.-% C
steels, the Ms was just below 200 K (base material around 300 K) (Fig. 11.12b)
[215, 216]. These results highlight that the effect of interstitials on the mechanical
and thermal stabilities might have opposite effects. Besides the stacking fault energy,
other parameters used in the literature to estimate the mechanical stability of the
austenite are the Md30 and Md30/50, the temperature at which 50 % of martensite will
form at 30 % true strain. The expression mostly used in the literature was proposed
by Nohara et al. (Eq. (11.4)) [219], which modified the one initially proposed by
Angel [56] to include the effect of the austenite grain size and the one proposed by
Sjoberg (11.18)) [95]. In this latter one, contrary to the one proposed by Nohara et
al., it was suggested that N has a more pronounced effect on the mechanical stability
of austenite. Both equations seem to be in contradiction with the work of Masumura
et al. discussed above [215], which found C to have a slightly greater influence.

Md30

(◦
C

)
= 608 − 13 (%Cr) − 34 (%Ni) − 12 (%Mn) − 6.5 (%Mo)

− 7.8 (%Si) − 515 (%C) − 821 (%N)

(11.21)

Alloying ASS with C and/or N above 0.1 wt.-% has been also investigated from
the point of view of its influence on precipitation of second phases and mechanical
properties. A significant number of papers and reviews that have investigated the
formation of carbides (M23C6, MC) and intermetallic phases (σ, χ, Laves) at high
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temperatures in Fe-Cr-Ni alloys showed that their formation generally deteriorate
the mechanical and creep properties and, thus, the service life of components used
in energy-generating power plants [22, 108, 220]. Since C promotes the formation
of M23C6 which promotes intragranular corrosion and cavitation during creep, N
has been suggested as a preferred alternative because it improves the corrosion
resistance by delaying the nucleation of this phase as well as χ -phase and shifts the
nucleation of the Laves phase to higher temperatures. However, older reports have
also shown that the formation of Cr2N during ageing at high temperatures may cause
sensitization and fragilization [221]. Kim et al. investigated how the precipitation of
M23C6 and Cr2N during ageing at 800 ◦C determines the mechanical response of
a Fe-15Cr-15Mn-4Ni (wt.-%), alloyed with different amounts of N and/or C [217].
Figure 11.13 depicts the size and density of precipitates as a function of the ageing
time at 800 ◦C for three steels alloyed with (i) C2, 0.2 wt.-%C; (ii) N2, 0.2 wt.-%N;
and (iii) CN20, 0.2 wt.-%C + 0.2 wt.-%N. Precipitates M23C6 and Cr2N appear in
the carbon alloyed and N-alloyed steels, respectively; however, the density of Cr2N
is much lower than that of M23C6. In CN20, the presence of N delays the formation
of intragranular M23C6 precipitates; in this steel, the amount of Cr2N is much lower
than for N2 and has not been presented by the authors.

Figure 11.14 shows the evolution of yield strength (YS), ultimate tensile strength
(UTS) and uniform elongation (UE) as a function of the ageing time at 800 ◦C
for the same three steels. In as-received condition, the addition of N in steel N2,
compared to the addition of carbon in C2, enhances the YS, while similar values
are obtained for the UTS and UE. The synergistic effect of combining C and N
(steel CN20) has a profound effect on raising the YS/UTS values, while the UE
is not affected. The results show that the mechanical properties of N-alloyed steel
are not affected by ageing; which means that the formation of chromium carbides
have very little influence of the mechanical properties, likely due to the low density
of these precipitates. While they are significantly modified in C-alloyed steels (the
formation of carbides increases the UTS but deteriorates the UE). EBSD results
carried out by Kim et al. [217] on deformed microstructures of the three steels show
that mechanical twins, α’ and ε martensites, are observed in all samples. Ageing
affects more profoundly C2 steel microstructure in which the volume fraction of
both martensites increases and mechanical twins decreases. This is due to the
impoverishment of the matrix in carbon content (austenite stability decreases).
Ageing does not affect the deformation microstructures of N2 steel. The amount
of martensite and mechanical twins is lower in CN20 due to the higher amount
of interstitials compared to the other two steels. As carbide precipitation kinetics
is slower in this steel compared to C2, the effect of ageing on the deformed
microstructures is less clear.

A major concern by the industry in the last decades has been the replacement of
Ni in stainless steels to reduce the impact of nickel price fluctuations and produce
more cost-effective alloys. In this regard, the research initiated in the 1930s led
to the development of the 200 series ASS [53]. In these Fe-Cr alloys (Cr: 15–
22 wt.-%), Ni (15–7.0 wt.-%) has been partially replaced with Mn (4–16 wt.-%),
N (0.1–0.4 wt.-%) and, sometimes, Cu (1–4 wt.-%), like in 201LN, 203, 204 Cu
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Fig. 11.13 Size of the observed precipitates (M23C6 and Cr2N) during ageing at 800 ◦C in steel
Fe-15Cr-15Mn-4Ni (wt.-%) alloyed with different amounts of C and/or N: (a) C2 (0.2 wt.-%),
(b) N2 (0.2 wt.-%) and (c) CN20 (0.2 wt.-% of each element) [23], and density of the observed
precipitates in (d) C2, (e) N2 and (f) CN20 [217]

[222]. In these steels, the nitrogen content is always below 0.4 wt.-%, which is the
maximum amount that can be introduced by conventional steelmaking processes.
Copper increases the stacking fault energy and, thus, the mechanical stability of
austenite favouring twinning instead of α′ martensite formation [35]. Besides, it has
been observed that the addition of Cu to an AISI 304 steel hinders the formation
of ε martensite, possibly due to the increase in the stacking fault energy [223].
In Fe-Cr-Mn-Ni-N steels, the combined addition of Cu and Ni seems to avoid
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Fig. 11.14 Evolution of (a) yield strength, (b) ultimate tensile strength and (c) uniform elongation
of steel Fe-15Cr-15Mn-4Ni alloyed with different amounts of C and/or N: C2 (0.2 wt.-%), N2
(0.2 wt.-%) and CN20 (0.2 wt.-% of each element) after ageing at 800 ◦C [23, 217]

the formation of δ-ferrite and decreases the ductile-brittle transition temperature
(DBTT) by enhancing the stability of austenite and suppressing the formation of
strain-induced martensite [224].

In addition to the existing commercial stainless steels of the 200 series, the
increasing demands to develop the third generation of advanced high-strength
steels, to meet the requirements of lightweight automobile body in the automotive
industry [156, 225, 226], have placed its focus on the design of new TRIP/TWIP
austenitic stainless steels due to their good combination of strength and ductility
obtained by the formation of ε/α′ martensite and/or twins as it has been discussed
previously. By combining the formation of ε/α′ martensite (phase transformation
hardening, TRIP) and twins (deformation twinning, TWIP), the aim is to obtain
a high-strength/ductility (TRIP) and high-formability (TWIP) steels [227, 228].
These steels could be also of interest in sea water systems, chemical and nuclear
industries, power generation and ballistic applications as reviewed by Lo et al.
[22] or biomedical applications [229]. Extensive recent work can be found in the
literature concerning the replacement of Ni by Mn/N to produce novel Fe-Cr-Mn-
Ni-N TRIP/TWIP ASS [31, 32, 202, 206, 230, 231].

Biermann et al. [231] investigated the influence of varying the Ni content
from 3 to 9 wt.-% in a Fe-16Cr-6Mn-Ni (wt.-%) steel and concluded that the Ni
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Fig. 11.15 Engineering stress-strain curves of (a) 14Cr-10Mn steel and (b) 16Cr-6Mn steel at
different cold-rolling reductions [32]

content increases the stacking fault energy and the mechanical stability of austenite,
resulting in a reduction in the amount of α′ martensite formed in the microstructure.
Increasing the temperature to 100 ◦C had a similar effect to increasing the amount of
Ni on reducing the amount of α′. The influence of Ni content and temperature on the
formation of ε martensite did not follow a clear trend. Zhang et al. [32] investigated
the mechanical properties of two experimental alloys with different Cr, Mn and Ni
contents (Fe-14Cr-10Mn-1Ni and Fe-16Cr-6Mn-4Ni, wt.-%) after different cold-
rolling reductions (0, 5, 10, 15, 20, 30, 50 %) at room temperature (Fig. 11.15). The
balance between strength and ductility could be greatly modified depending on the
degree of deformation introduced by cold-rolling. When comparing both steels, the
lower mechanical stability of alloy 14Cr-10Mn compared to 16Cr-6Mn produced
significant amounts of ε/α′ martensite for low cold reductions, which contributed to
increasing the YS and UTS and to decreasing the UE.

Figure 11.16a shows the engineering stress-strain curves of tensile tests con-
ducted between −196 and 400 ◦C till fracture in a Fe-19Cr-3Mn-4Ni (wt.-%)
stainless steel [230]. The highest elongation was reached around the Md temper-
ature, 60 ◦C (73 %), which the authors defined as the temperature above which
no martensite forms upon loading. The phase fraction of martensite after tensile
deformation until fracture at different temperatures is shown in Fig. 11.16b. The
steel does not form as-quenched martensite at temperatures as low as −196 ◦C.
Therefore, the martensite contents in this figure represent the deformation-induced
martensite (α′) only. The highest martensite content of about 78 vol.-% was formed
at −80 ◦C, temperature at which the UTS is the highest. By comparing Fig. 11.16a,
b, it becomes evident that the UTS is closely related to the amount of α′ transformed
in the microstructure during deformation.

Martin et al. [202] investigated the sequence of transformation during deforma-
tion in a Fe-15.5Cr-6Mn-6Ni (wt.-%) alloy between −60 ◦C and 200 ◦C. At low
temperatures only α′ martensite was observed. As the temperature was increased,
the transformation took place via ε martensite (γ → ε → α′) in deformation bands.
However, at 100 ◦C and 200 ◦C, the predominant mechanisms were deformation
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Fig. 11.16 (a) Engineering stress-strain curves of tensile specimens of Fe-19Cr-3Mn-4Ni (wt.-%)
steel in the temperature range of −196 ◦C to 400 ◦C; (b) temperature dependence of deformation-
induced martensite fraction after tensile tests until fracture [230]

twinning and dislocation glide. Figure 11.17 shows the temperature evolution of
(a) the YS, UTS and UE and (b) amount of α′ (athermal and strain-induced).
The strength mainly increases as the amount of martensite increases, although for
fully austenitic microstructure, the strength also decreases slightly as temperature
increases. On the other hand, the elongation decreases abruptly as the martensite
volume fraction increases and, for fully austenitic microstructures, as temperature
increases. These authors proposed a scheme showing the temperature evolution
of the transformation mechanism and stacking fault energy for the investigated
steel (Fig. 11.18). The stacking fault energy at high temperatures was calculated
assuming a temperature increase of 0.075 mJ K−1 m2. The quantitative evolution
of the UTS (dash line) and UE (solid line) is also shown as a function of the
temperature. This scheme describes the same trends experimentally observed by
many authors as discussed so far.

Other important parameter that influences the deformation mechanism and, thus,
the martensitic transformation is the grain size, which can be modified through
thermomechanical treatments [182]. The grain size plays an important role also on
the nucleation of martensite and on the rate of the γ → α′ transformation which
directly affects the mechanical properties of stainless steels as it has been discussed
so far. Tomimura et al. [232], among other aspects, studied the influence of the grain
size on parameters like the Ms temperature (Fig. 11.19a) or the athermal martensite
α′ content (Fig. 11.19b) in two Fe-Cr-Ni alloys, finding that the finer the grain size,
the lower the Ms and the more stable the austenite were.

With the aim of unveiling the influence of grain size on the TRIP effect, Kisko
et al. obtained different austenite grain sizes (0.5, 1.5, 4 and 18 μm) by reversion
annealing of cold-rolled microstructures in a commercial Fe-Cr-Mn-Ni alloy 204Cu.
They found that during tensile loading, at different strains (2, 10 and 20 %),
martensite nucleation sites where influenced by the grain size [222]: (i) for the
lowest ultrafine grain size (0.5 μm), martensite nucleated at grain boundaries and
twins; (ii) while for coarser grain sizes, martensite nucleated at shear bands or ε
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Fig. 11.17 Parameters obtained from the tensile tests performed at different testing temperatures
for the TRIP/TWIP steel, Fe-15.5Cr-6Mn-6Ni (wt.-%) alloy: (a) YS, yield strength; UTS, ultimate
tensile strength; UE, uniform elongation; (b) ferromagnetic phase fraction after testing until UE
[202]

martensite. The rate of the transformation was also affected by the grain size; it
decreased as the grain size dropped from 18 to 1.5 μm but then it was the fastest
for the ultrafine grain (0.5 μm). In the same sense, Xu et al. investigated two
austenitic microstructures of AISI 316LN with different grain sizes (2 and 12 μm)
[233], the finest obtained by reversion annealing of cold-rolled microstructures. The
refinement of the microstructure stabilized it against the γ → α′ transformation
which was only observed for the coarser grain size (12 μm), while twinning was
the operating deformation mechanism in the finer grain size (2 μm). Challa et al.
[234] observed the same change in the deformation mechanism from γ → α′ to
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Fig. 11.18 Schematic overview of the activated deformation mechanisms as a function of testing
temperature in correlation with the SFE and the mechanical properties of the TRIP/TWIP steel,
Fe-15.5Cr-6Mn-6Ni (wt.-%) alloy [202]

Fig. 11.19 (a) Effect of austenite grain size on the Ms temperature in a Fe-16Cr-Ni (wt.-%)
alloy; (b) changes in martensite content during cooling from room temperature showing grain
size dependence of austenite stability at low temperatures [232]

γ → γTWIN in AISI 301LN austenitic microstructures with different grain sizes
from 22 μm to 225 nm.

The use of reversion annealing of deformed microstructures to obtained ultrafine
grains and its influence on phase transformations and mechanical properties will be
discussed with more detailed in the following section.

11.4.2 Nanostructured and Ultrafine-Grained Stainless Steels

A disadvantage of ASS is their relatively low YS, which limits their wide usage
in structural applications, is the reason behind some commercial grades having
to be hardened by cold-rolling [235]. As discussed in the previous section, other
methodologies focus on adjusting the chemical composition by, for example,
increasing the N content, which has beneficial effects on the YS and work-hardening
behaviour [74, 217]. In addition, one of the strategies that have received extensive
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attention in recent years to obtain a good balance between strength and ductility
[182] and fatigue resistance [236, 237] in ASS consists in the grain refinement of the
grain size down to nano or ultrafine range. Several processing methodologies have
been employed to refine the microstructure, which generally consists in applying
deformation followed by a controlled annealing treatment. This deformation has
been introduced in a number of ways: (i) cold-rolling at room temperature [57,
193, 233, 234, 236, 238–251]; (ii) cryo-rolling [181, 252–255]; (iii) warm-rolling
(400 ◦C) [256]; (iv) HPT [186, 187, 256] or ECAP [184, 185, 237, 257]; (v)
MDF [188–191]; (vi) hydrostatic extrusion [192]; and (vii) shot-peening [258, 259].
Severe plastic deformation SPD processes are still far from being applicable in
large-scale production and shot-peening only influences a few microns below the
steel surface; thus, the most widely used methodology consist in the reversion
of microstructures containing high-volume fractions of deformed strain-induced
α’ martensite induced by prior one-step cold-, cryo- or warm-rolling. After the
application of the deformation, the steel is annealed up to temperatures above the
AS temperature, at which the α′ → γ is stimulated. Most of these investigations
have focused on commercial steel grades like 304, 316, 201 and 301 rather than
on new experimental steel grades in which the steel chemistry has been modified.
The application of consecutive cycles of cold-rolling + annealing has also given
mixed nano/ultrafine-grained microstructures [260]. This strategy has also been
used in duplex stainless steels with good strength-ductility balance and corrosion
resistance [261]. Besides the composition of the ASS, other factors that determined
the kinetics of the α′ → γ transformation and austenite grain size obtained after
reversion annealing are (i) the amount of deformation (cold-rolled reduction), (ii)
volume fraction of strain-induced martensite introduced by deformation, (iii) the
heating rate, (iv) annealing temperature and (v) time [193, 232, 248, 262–264].
Tomimura et al. determined the amount of α’ martensite induced by 90 % cold-
rolling as a function of Nieq = (Ni + 0.35Cr) in Cr-Ni stainless steels (Fig. 11.20a)
and the evolution of the grain size with the annealing temperature (1123–1373 ◦C)

Fig. 11.20 (a) Relation between Ni equivalent (Ni + 0.35Cr) and the amount of martensite
induced by 90 % cold-rolling in Cr-Ni stainless steel; (b) relation between temperature and grain
size of austenite reversed from strain-induced martensite α′ in a Fe-16Cr-10Ni (wt.-%) steel [232]
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Fig. 11.21 Bright field (BF)-TEM micrographs and corresponding SADPs illustrating different
morphologies of the martensite phase of the as-received state (92.5 % cold-reduced): (a) lath-type
martensite, (b) dislocation cell-type martensite in a Fe-12Cr-9Ni-4Mo-2Cu (wt.-%) ASS [263]

in a Fe-16Cr-10Ni (wt.-%) steel (Fig. 11.20b) [232]. The fit to the experimental
values in Fig. 11.20a can be described by the Eq. (11.22):

Vα′ (vol.-%) = 100 − 2.5 × (Ni + 0.35 × Cr − 14)2 (11.22)

This study (Fig. 11.20a) predicts that 90 % of cold-rolling will transform more
than 90 % of the microstructure to α’ martensite for Nieq≤16. The retained austenite
present in the microstructure after cold-rolling, prior to the annealing treatment, will
result in coarser grains after the reversion treatment that would not contribute to
enhancing the strength [232, 246]; for this reason, it is advisable to form as much α′
martensite as possible during the TMCP step.

Depending on the alloy composition and thus the stability of the austenite,
different studies have shown that different cold-rolling reductions are necessary to
obtain a fα′ = 0.9–1.0: AISI 304, 80 % [244]; AISI 301, 55 % [264]; and AISI
304 L, 50 % [177]. If the amount of deformation is high enough, the strain-induced
martensitic microstructure develops from lath-like martensite to dislocation cell-
type martensite in which the deformation breaks the lath microstructure [178].
Figure 11.21 shows examples of these two microstructures in a cold-rolled Fe-
12Cr-9Ni-4Mo-2Cu (wt.-%) metastable ASS [263]. It is clear that in one case the
lath microstructure remains visible, while for the other the lath-like microstructure
has been broken by a mess of dislocations. The selective area diffraction pattern
(SADP) also helps to identify both microstructures: (i) lath-like shows well-defined
diffraction spots (Fig. 11.21a) and (ii) dislocation-type shows ring-like diffraction
pattern (Fig. 11.21b). The dislocation cell-type microstructure contains a higher
number density of nucleation sites for austenite to form during the annealing
process, leading to a finer grain size and to higher strength [178]. A recent
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investigation has shown that if the two types of microstructures coexist, a bimodal
austenite grain size distribution will be obtained, leading to a lower strength but to an
improvement in ductility compared to those where only dislocation-type martensite
is present [265]. Two additional concerns should be borne in mind: (i) avoiding
grain coarsening and (ii) formation of carbides or intermetallic [263, 266]. If grains
grow too much, the austenite will be less stable; as a result athermal α′ martensite
may be formed upon cooling to room temperature [247], deteriorating the toughness
and ductility of the steel. The precipitation of carbides or intermetallic phases at
grain boundaries could lead to intergranular corrosion of the steel. In summary, it
is preferable that the annealing holding times are short; and the shorter the time,
the higher the annealing temperature but keeping in mind that a fully α′ → γ

transformation would be desirable [177].
In summary, the following conditions should be met to obtain a fully ultra-

fine/nanometre austenitic microstructure:

1. A 90–100 % of the microstructure should be transformed to α’ martensite during
the TMCP treatment.

2. A dislocation-type microstructure is preferred compared to a lath-type to maxi-
mize the number of number of nucleation sites for the α′ → γ phase transforma-
tion.

3. The higher the heating rates, the finer the grain size for a given austenitization
temperature above AS temperature.

4. Low annealing temperatures and short holding times to avoid: (i) excessive grain
growth that would lower the strength, decrease the austenite stability and promote
the formation of athermal α′ martensite upon cooling to room temperature
and (ii) formation of intermetallics/carbides that could deteriorate the corrosion
resistance.

5. Holding times should be long enough to complete the α′ → γ phase transforma-
tion.

Focusing on the mechanical properties of ultrafine microstructures, Zhao and
Jiang [182] in a recent comprehensive review compiled information from several
investigations concerning the austenite grain size and mechanical properties of some
commercial and experimental ultrafine-grained and nanostructured ASS obtained by
the application of deformation followed by annealing. This information, provided
in Table 11.8, has been completed with other publications. In many of these
publications, mechanical properties have been obtained for several processing
conditions and ultrafine grain sizes; in these cases, only some significant results
that show good combination of strength/ductility synergy have been provided.

In a similar sense, Fig. 11.22 provides mechanical property data compiled by
Hamada et al. for different alloys [246]. The target strength-ductility range (the
orange band) set by the European Commission for automotive steels is shown in this
figure [270]. Besides, this figure also shows (full black squares) the data obtained
for the commercial AISI 201 after various deformation followed by annealing
treatments [271] along with information for other types of steels used nowadays
in the automotive industry, as well as mechanical property data for Al and Mg
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Fig. 11.22 Comparison of the mechanical properties between the reversion annealed type 201
austenitic stainless steel and other conventional steel grades. The European Steel Technology
Platform (ESTEP) maps new generation of high-strength steels for lightweight construction [272].
Comparison of the mechanical properties (tensile strength and elongation) between the reversion
annealed type 201 and some other current steel grades. (The data for work-hardened grades are
from Refs. [246, 270])

alloys. These results unveil that the tensile strength-ductility balance achieved after
the application of this thermomechanical treatments are excellent and exceed those
of conventional annealed or work-hardened stainless steels (red and pink bands).

Other novel approach for strengthening ASS is to promote the formation of
multiple nanoscale twins within some austenite grains (nanotwinned austenitic
grains, NTW-γ) using dynamic plastic deformation [273, 274]. In this way, single
(austenitic) phase composite steels containing twinned and non-twinned grains
would be generated. No new phase boundaries are created. The methodologies
described before in this section, which lead to the refinement of the microstructure
down to the nanometre scale under certain processing conditions, enhance the
strength but reduce the ductility and work-hardening capability, which is detrimental
to the stability of the plastic flow required for forming operations. The idea behind
using this nanotwinned grains as strengthening sources comes from the discovery
that submicron-grained Cu alloys containing nanoscale twins exhibit a very high
tensile strength and a considerable ductility and work-hardening capability [275,
276]. It is known that twin boundaries block dislocation motion and act as slip
planes to accommodate dislocations [277]; thus, steels with such defects in the
microstructure would result in strong, ductile materials with the capacity to work-
harden.

As it has been discussed already in this section, twins in ASS can be promoted
by plastic deformation when twinning conditions prevail over other deformation
mechanisms. In these steels twinning is favoured for high stacking fault energies.
The refinement of the microstructure also leads to a change in the deformation
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mechanism under applied strains, from γ → α′ to γ → γTWIN, as it was discussed
previously. In addition, Li et al. have demonstrated that twinning is also stimulated
when high strain rates are employed (dynamic plastic deformation) in Cu alloys
[278]. After deformation, the microstructure has to be annealed to recover the
microstructure. In this way, coarse grains are generated, but the twinned regions
remain unchanged because twin boundaries possess a much lower energy than
conventional grain boundaries. Thus, a composite alloy containing fine twinned and
coarser non-twinned grains would be generated. The nanotwinned regions can be
regarded as grains containing nanoscale twins, which are much stronger than the
surrounding recrystallized coarser grains. The quantity and distribution of these
NTW-γ are controlled by the deformation parameters as well as the subsequent
annealing conditions [274].

The seminal work carried out in Cu alloy has been applied successfully to ASS.
Several reports can be found in the literature by the same group of researchers
concerning the formation of NTW-γ in metastable commercial ASS: AISI 304 [279,
280] and AISI 316 L [274, 279, 281, 282]. Yi et al. [279, 280] have obtained
a nanotwinned reinforced austenitic microstructure by applying dynamic plastic
deformation following the procedure described in Ref. [278] at −196 ◦C and 150 ◦C
and using different strains. The deformation was applied by compression of cylindri-
cal samples using strain rates of 102–103 s−1 in different steps. After a deformation
of εT = 0.3, the samples deformed at −196 ◦C contained a volume fraction of α′
and ε martensites of 0.8 and 0.07, respectively; the remaining microstructure was
retained austenite. A subsequent annealing treatment at 650 ◦C for 1 h reduced the
volume fraction of α′ martensite to 0.17, whereas the microstructure deformed at
150 ◦C (εT = 1.0) contained only NTW-γ grains (58 %) within a very dislocated
austenitic matrix (tangles, walls and cells). Twins are very fine, with average lateral
dimensions of 10–20 nm (different values have been reported by the authors for the
same microstructure). The annealing treatment at 650 ◦C (1 h) reduced the amount
of nanotwins to 50 %, and the microstructure contained some recrystallized areas
(10 %) with average sizes of 2.2 μm. Figure 11.23 shows SEM-ECC (SEM-equal
channel contrast) (a) and TEM (b) images of the microstructure after annealing.

Fig. 11.23 Typical microstructures of the annealed nanotwinned austenite 304 SS at 650 ◦C for
1 h: (a) SEM-ECC image and (b) TEM image of the nanotwins with SAED pattern (inset) [280]
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Fig. 11.24 (a) Tensile engineering stress-strain curves of the as-deformed and annealed nan-
otwinned austenite 304 SS in comparison with that of the as-deformed and annealed martensite-
austenite 304 SS. The as-received sample is also included for comparison; (b) strength-ductility
correlations obtained for the deformed and different annealing treatments (M-A, martensite
austenite 304 SS; NT-A, nanotwinned austenite 304 SS) [280]

Figure 11.24a shows the mechanical behaviour of the samples after deformation
at −196 ◦C (M-A) and 150 ◦C (NT-A) and subsequent annealing treatment. The
deformed M-A sample has a YS = 1250 MPa, 100 MPa higher than the NT-A
sample (1135 MPa). After annealing both samples have similar YS = 900 MPa,
but the NT-A samples has a much larger uniform elongation (21 %) than the M-
A sample (9 %). The work-hardening behaviour in the NT-A sample is attributed
to the nanotwinned grains due to the limited work-hardening ability of ultrafine
dislocation structures [283]. Figure 11.24b also provides different strength-ductility
combinations obtained for M-A and NT-A samples in deformed and annealed states
showing that better combination of mechanical properties can be obtained in NT-A
samples due to the higher thermal stability of nanotwinned grains compared to α′
martensite during the annealing treatments.

In ultrafine 304 ASS, the nucleation of α′ martensite is inhibited or diminished
due to the lack of nucleation sites such as ε martensite or twin boundaries, which
reduces the uniform elongation. In contrast, in microstructures with NTW-γ the
formation of α′ martensite and stacking faults can be stimulated by the presence of
twin boundaries as it has been observed [279] which would enhance the ductility.
When 304 and 316 L alloys are compared, the much higher mechanical stability
of 316 L (larger γ SFE) impedes the formation of stacking faults and α′ martensite
even in microstructures containing NTW-γ, which reduces significantly the uniform
elongation compared to 304 ASS [279].

11.4.3 Maraging/PH Stainless Steels

Commercial 18 wt.-%Ni maraging steels (200, 250, 300, 350) were developed in
the 1960s for applications requiring ultrahigh strength and good fracture toughness
but without paying much attention into the corrosion resistance, as they do not



11 Stainless Steels 513

contain chromium in the composition [284]. In this type of alloys, a low-carbon
soft martensitic matrix is strengthened during ageing by intermetallic nanoparticles.
Along with the grain refinement, strengthening through coherent nanoprecipitation
is the most effective way of increasing the strength of steels as it has been
highlighted in a recent review [285], though this report was not focused on stainless
steels.

The use of the terminology maraging and precipitation hardening in the literature
can be found randomly even referring to the same experimental alloy in different
publications. Sometimes the use of the name maraging has been avoided because
it possesses a pejorative connotation as some of these alloys were conceived
for military applications. It has been sometimes argued that maraging steels and
PHSS differ mainly in the carbon content, which is usually an order of magnitude
lower for maraging steels. In practice any steel that possesses a martensitic matrix
strengthened by precipitates, including commercial PHSS, has been defined as
maraging [285, 286]. Thus, due its low-carbon content, the strengthening of the
martensitic matrix in the latter steels is achieved by promoting the precipitation
of copper clusters/precipitates (bcc → 9R → fcc) [36] and/or Ni-rich and Mo-
rich intermetallic phases: η-Ni3(Ti,Al), B2-NiTi, Fe7Mo6 μ-phase, Laves (Fe2Mo)
and Ti6Si7Ni16 G-phase [102] instead of carbides. Ni-rich precipitates along
with Cu-rich phases have been referred to as the main sources for hardening
in maraging steels during the first hours of ageing [162], while Mo-rich phases
nucleate and contribute to the hardening after long ageing conditions due to the
low diffusivity of Mo [287]. Several investigations have demonstrated the positive
effect of Cu-alloying in contributing to the hardening during the initial stages of
ageing of stainless steels or in accelerating the precipitation of Ni-rich intermetallic
nanoprecipitates [285]. In this regard, this element has been used in commercial
PH15–5 [36] and PH17–5 stainless steels along with other recently developed ones
like NanoflexTM (1RK91) [28, 37], Fe-Cr-Ni-Ti-Al [288], Fe-Cr-Ni-Co-Cu [98]
and Fe-Cr-Co-Ni-Mo-Ti alloys [289].

In recent years, efforts have been made to create new maraging stainless
steels strengthened by multiple precipitates [52, 98, 103, 289, 290] as a way to
improve the precipitation hardening contribution to the total strength and sustain
also the hardening effect for long ageing times. Besides, atom probe tomography
(APT) and high-resolution transmission electron microscopy (HRTEM) [52, 285,
291] have allowed studying precipitation sequences with a great detail and thus
understanding the link between the chemical composition, the ageing conditions and
the mechanical properties, among others. The development of corrosion resistance
ultrahigh-strength (UHS) steels is of great importance in the automotive, aerospace,
biomedical, nuclear, gear, bearing and other industries as they could be future key
materials for lightweight engineering design strategies and associated savings in
CO2 emissions.

Researches from Sandvik Materials Technology have developed one of the most
interesting maraging stainless steels in the last couple of decades. This alloy, termed
NanoflexTM 1RK91, was conceived initially for surgical applications [292, 293].
Investigations around this steel have shown that (i) the pitting corrosion of this
alloy is better than that of AISI 304 or 316; (ii) tensile strengths of up to 3 GPa
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Fig. 11.25 Time evolution of the microhardness at different ageing temperatures in 1RK91 [292]

can be achieved in cold-drawn and aged wires; and (iii) continuous hardening up
to 1000 h for temperatures below 500 ◦C and peak microhardness Vickers values
above 700 HV not reported before in similar alloys have been achieved (Fig. 11.25)
[28, 292, 294]. This unusually high hardness and strength was initially attributed
to the presence of quasicrystalline R′ phase precipitates [293, 294]. However,
subsequent reports have unveiled that different precipitate species are involved and
that the sequence of precipitation reactions is very complex. In fact, these involve
initially the formation of copper precipitates/clusters, on top of which Ni3(Ti,Al)
and Ni3(Ti,Al,Si) nucleate. With increasing ageing times above 40–100 h, Cr-rich
α′ phase, G-phase Ti6Si7Ni16 and Mo-rich precipitates (quasicrystalline R′-phase,
R-phase and Laves: Fe2Mo) have been observed [37, 52, 293]. Another interesting
feature of this alloy is that martensite is obtained (i) isothermally, at cryogenic
temperatures, having the nose of the C-curve located around −40 ◦C [77, 295] or
(ii) by the application of mechanical stresses/strains [296, 297].

Xu et al. have developed a general computational alloy design approach based
on thermodynamic and physical metallurgical principles, which is coupled with a
genetic optimization scheme to design new ultrahigh-strength martensitic stainless
steels [103, 290]. The design approach has allowed obtaining martensitic stainless
steels strengthened via promoting the formation of multiple precipitates: copper
precipitates (Cu), carbides (NbTiC) and intermetallic phases (Ni3Ti). Figure 11.26
shows the microstructural characterization undertaken using SEM-EDS (a) and
STEM-EDS (b–c) analysis on a novel PHSS Fe-12Cr-4Ni-2Cu-2Co-0.5Ti-0.11Nb
(wt.-%). Very few reported model alloys have been designed in which both carbides
and intermetallic phases have been combined to enhance the hardening effect.
The set of mechanical properties (tensile strength, total elongation and hardness)
obtained for different ageing conditions is provided in Fig. 11.27 [98].
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Fig. 11.26 (a) SEM micrographs of MC precipitates with EDS line scan results for Ni, Ti and
C and (b–c) STEM micrograph of Cu- and Ni-rich precipitates with EDS line scan results of
concentration profiles of Ni, Ti and Cu (horizontal line indicated) in a novel PHSS Fe-12Cr-4Ni-
2Cu-2Co-Ti-Nb (wt.-%) after ageing at 500 ◦C for 24 h [98]

Fig. 11.27 Variations of (a) tensile strength (b) total elongation at fracture and (c) hardness with
ageing time at ageing temperatures of 450 ◦C (723 K), 500 ◦C (773 K) and 550 ◦C (823 K),
respectively, in a novel PHSS Fe-12Cr-4Ni-2Cu-2Co-Ti-Nb (wt.-%) [98]
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Other authors have also contributed in this field. Akhtar et al. [298] proposed
a set of four experimental maraging stainless steels Fe-12Cr-10Ni-2Mo-xTi-0.3V-
0.3Al (wt.-%) with x varying between 1 and 2 wt.-%. The alloy with 1.5 wt.-%
Ti to which 0.36 wt.-%Cu was added showed the best combination of mechanical
properties (UTS = 1670 MPa; total elongation = 11 %; fracture toughness
KIC = 83.9 MPa m½). The strengthening species were identified as TixNi plus
some Al- and V-rich phases that were not clearly identified. The addition of Cu
in this alloy was not discussed or did not have a significant effect.

Schnitzer et al. have produced several experimental Fe-Cr-Ni-Mo-Al-Ti (wt.-%)
alloys [104, 288, 299]. They investigated the precipitation sequence using atom
probe tomography (APT) in a Fe-12Cr-9Ni-2Mo-0.7Al-0.35Ti (wt.-%) alloy and
found that during ageing at 525 ◦C, the hardening increases initially (0.25 h)
abruptly due to the formation multicomponent (Ni,Al,Ti) clusters. After 3 h,
these evolve towards two independent precipitates (spherical B2-NiAl, elongated
η-Ni3(Ti,Al)) that also contribute to the strengthening [104]. The addition of
1.9 wt.-% Cu to a Fe-13Cr-10Ni-1Al-1Mo-0.5Ti (wt.-%) alloy proved to accelerate
precipitation reactions; after 0.25 h both intermetallic phases are already present
[288]. Cu accelerates the precipitation in different ways: (i) for NiAl, Cu enters into
the composition of the phase lowering the activation energy by reducing the lattice
misfit; (ii) for Ni3(Ti,Al), Cu precipitates serve as nucleation sites. Figure 11.28a–c
shows APT analysis after 0.25 h showing the presence of all these three precipitates:
Cu-rich precipitates in orange, NiAl in green and Ni3(Ti,Al) in blue. Figure 11.28(d)
provides the one-dimensional concentration profile through the cylinder marked in
Fig. 11.28c (Cu and Ni3(Ti,Al) precipitates).

These authors also found that the combined addition of 0.55Si and 0.83Ti (in
wt.-%) to a model alloy Fe-13Cr-8Ni-1Al-0.5Mo (wt.-%) promotes the formation
of spherical Ti6Si7Ni16 precipitates (G-phase), instead of B2-NiAl, along with
Ni3(Ti,Al). This change in precipitation sequence reduces the peak hardness
compared to a Ti-free PHSS alloy, PH13–8Mo, though the initial hardening after
15 min ageing at 525 ◦C is faster in the Ti/Si alloyed model steel [299]. After 3 h of
ageing, a strong hardening response is due to the formation of NiAlTiSi clusters. The
subsequent formation of the intermetallic phases continues to increase the hardening
but to a lower extent. The coprecipitation of Ti6Si7Ni16 and Ni3(Ti,Al) had been
observed before in Fe-Cr-Ni-Al-Ti-Si (wt.-%) alloys with 0.8–1.0 wt.-% Si and 0.9–
1.0 wt.-% Ti [300].

An interesting, though very expensive, maraging stainless steel Fe-12Cr-13Co-
5Ni-6Mo-0.4Ti-0.1Al (wt.-%) has been designed recently by Li et al. [289]. This
alloy possesses a tensile strength of 1.9 GPa. Ageing at 500 ◦C stimulates a sequence
of precipitation that includes, at the outset, the formation of (Ni,Ti,Al)-rich, Mo-rich
and Cr-rich clusters that developed separately into η-Ni3Ti, Mo-rich R′ and Cr-rich
α′ phases. Besides, segregation of R′ and α′ phases to the interface of η-Ni3(Ti,Al)
is regarded as the reason for slow coarsening in this alloy, and the strength remains
above 1.8 GPa for ageing times up to 100 h. Figure 11.29 shows the evolution of
different mechanical properties with the ageing time at 500 ◦C in this steel.
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Fig. 11.28 APT analysis carried out in a Fe-13Cr-10Ni-2Cu-1Al-1Mo-0.5Ti (wt.-%) alloy: (a)
isoconcentration surfaces aged for 0.25 h at 525 ◦C for regions containing more than 30 at.-%
Ni + Al (spherical, green surfaces) and for regions containing more than 5 at.-% Ti (elongated,
blue surfaces); (b) three types of isosurfaces are depicted: the green, spherical ones correspond
to regions containing more than 30 at.-% Ni + Al; the blue, elongated surfaces correspond to
precipitates containing more than 5 at.-% Ti; and the orange, spherical areas correspond to regions
containing more than 10 at.-% Cu; (c) detail of the analyzed volume containing a Ti-enriched and a
Cu-enriched area. The cylinder marks the volume evaluated for the one-dimensional concentration
profile shown in (d) [288]

Table 11.9 summarizes the compositions of several recently developed maraging
or precipitation hardening stainless steels reviewed in this section and the precipi-
tating phases that have been observed in the microstructure during ageing.

11.4.4 Quenching and Partitioning (Q&P) Stainless Steels

The quenching and partitioning (Q&P) heat treatment was first proposed by Speer
et al. [301] and designed to create microstructures composed by martensite and
austenite. Since this seminal work in which the Q&P heat treatment concept was
proposed, the main driving force to design and produce steel microstructures based
on the application of this heat treatment has been the development of the third
generation of advanced high-strength steels (AHSS) for the automotive industry
[81, 83].
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Fig. 11.29 Mechanical properties as a function of ageing time at 500 ◦C of a maraging stainless
steel Fe-12Cr-13Co-5Ni-6Mo-0.4Ti-0.1Al (wt.-%). The UTS can reach 1928 MPa, and the fracture
toughness is about 85 MPa m1/2 when the ageing time is 12 h [289]

In previous decades, before the proposition of the Q&P concept, several high-
strength low-alloyed steels with improved strength-ductility balance have been
developed with application in the automotive industry. These steels have evolved
with new alloying and processing strategies to tailor microstructures containing
a mixture of various phases. Some of these automotive steels that belong to the
first generation of low-alloyed advanced high-strength steels (AHSS) are dual-phase
steels (DP), martensitic steels, complex phase steels (CP) or transformation-induced
plasticity steels (TRIP) [302, 303]. The TRIP steels, which have been briefly
introduced before, are based on the creation of a fine dispersion of retained austenite
within a ferritic matrix (composed of ferrite and/or bainite and/or martensite). The
presence of this retained phase improves toughness and ductility by making use
of the so-called TRIP effect that has been already discussed and which involves
the transformation of austenite to martensite. The tensile property combinations of
the first generation of AHSS and some conventional HSS are shown in Fig. 11.30.
These AHSS have already been implemented in existing auto-bodies [302, 304].
The second generation of AHSS, whose properties are also highlighted in this figure,
includes highly alloyed steels such as twining-induced plasticity (TWIP), Al-added
lightweight steels with induced plasticity (L-IP

®
), shear band-strengthened steels

(SIP steels) or austenitic stainless steels (AUST SS). In this figure there is a clear
property gap between both generations of AHSS. In the last 15 years, there has
been increasing interest in the development of the “third generation” of AHSS with
improved strength-ductility combinations compared to the first-generation AHSS
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Fig. 11.30 Relationship between ultimate tensile strength and total elongation of conventional
high-strength steels (HSS) and advanced high-strength steel (AHSS) families [305]

but at a lower cost than that required for the second-generation AHSS [82, 197].
It has been predicted that microstructures combining a mixture of stable austenite
and martensite would generate properties similar to those targeted for this third
generation of AHSS, as highlighted by a dashed violet line in Fig. 11.30. In
conclusion, the presence of martensite as well as of austenite in the next generation
of AHSS should be important constituents of the microstructure. Q&P steels possess
a martensitic matrix in which many small retained austenite islands are embedded.
Under straining this austenite would transform to martensite making use of the TRIP
effect to enhance the ductility and toughness. These types of microstructures would
help to fill in the gap.

The Q&P heat treatment is described in Fig. 11.31. After austenitizing, the
high-temperature austenitic microstructure is partially transformed to martensite by
quenching between Ms and Mf temperatures (start and end of the γ → α′ phase
transformation). Subsequently, an isothermal annealing treatment is applied above
Ms to promote carbon diffusion/partitioning from martensite to austenite and, thus,
stimulate the carbon enrichment of this latter phase. This way, austenite is stabilized
and retained after cooling to room temperature. The carbon enrichment leads to
the austenite stabilization at room temperature. By optimizing the austenitization
temperature, the quenching temperature (QT) and the partitioning temperature and
time (PT,t), the volume fraction and stability of retained austenite present at room
temperature can be tailored. Although this process might appear as simple, in
addition to carbon partitioning, other processes can occur at the same time that
may prevent or minimize the amount of carbon enrichment during this process
and thus decrease the amount/stability of retained austenite at room temperature,
for example, (i) carbon trapping by dislocations and interfaces in the martensite
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Fig. 11.31 Schematic heat treatment diagram of quenching and partitioning (Q&P) process [309]

phase, (ii) formation of carbides, (iii) decomposition of austenite and (iv) migration
of the martensite/austenite interface. Previous research on bainitic and TRIP steels
containing retained austenite has noticed that austenite stability is controlled mostly
by the carbon content (levels around 1–2 wt.-%) but also by the size and morphology
of the retained austenite phase [306]. In addition, alloying elements may also have
an influence by preventing the precipitation of carbides (Si, P, Al) or stabilizing
the austenite phase (Mn, Ni) [301, 307, 308]. Results obtained in low-alloyed, low-
carbon Q&P steels have shown that this new type of steels are stronger but less
ductile when compared to TRIP steels due to the generally lower amount of retained
austenite [82]. Understanding and controlling the austenite stability by designing the
proper composition and/or by optimizing the heat treatment are the key to tailoring
the properties of new AHSS.

Compared to nickel-bearing ASS, low-/medium-carbon (<0.6 wt.-% C)
chromium-rich (11.5–18 wt.-%) martensitic stainless steels are cheaper to produce
and possess higher strength and hardness. These steels are generally supplied in
the spheroidized annealed condition, with a microstructure composed by ferrite
and carbides. According to several reports, these carbides are generally of the
type M3C, M7C3 or M23C6 [310, 311]. This ferritic microstructure is easily
cold-worked or machined down to complex shapes. Typical processing routes
of martensitic stainless steels involve cold-forming in this soft ferritic condition,
followed by an austenitization step (950–1100 ◦C), air cooling to room temperature
and tempering (250–350 ◦C) to decrease the brittleness of the martensite. During
austenitization heat treatment above 950 ◦C, after forming, the initial ferritic matrix
transforms to austenite. Carbides present in the initial microstructure dissolved
(partially/completely) and carbon partitions to the austenitic phase formed. The
state of carbide dissolution depends on the chemical composition of the steel.
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Besides, the higher the carbon content of austenite at high temperatures, the greater
are the hardness of martensite upon quenching but also the lower the value of Ms and
Mf temperatures. As a result, the amount of retained austenite may increase if Mf
temperature is below room temperature [312]. After cooling to room temperature,
a final tempering treatment is applied to control the final mechanical properties of
this type of steels [313]. A compromise is generally pursued to have high hardness
with the minimum amount of retained austenite. In this condition, MSS show an
excellent combination of corrosion resistance, high hardness and strength [24],
good resistance to thermal and mechanical fatigue and excellent wear resistance.
However compared to other low-alloyed martensitic steels, these grades show much
poorer ductility and toughness under the same strength level.

In the last few years, some researchers have demonstrated that the Q&P heat
treatment can be used in commercial ferritic transformable stainless steels [314],
MSS [309, 315–317] and metastable ASS [318] to widen the application of this
type of steels by improving the strength-ductility balance. Due to its high strength
and corrosion resistance, MSS could be playing a role in the future as a structural
component of automotive steels [319]. As it has been discussed above, the Q&P
treatment involves quenching below the Ms temperature to transform only part of
the austenite to martensite. During the partitioning step, at a temperature generally
above the Ms, carbon is allowed to diffuse (partition) from martensite to austenite
to enrich this latter phase, stabilize it and retain it upon further cooling to room
temperature. However, besides the diffusion process, others may happen, such as
precipitation of carbides, which would limit the carbon enrichment of the austenite.
In this regard, during this partitioning step at low temperatures, Cr in stainless steels
shows a very low diffusivity, and this would prevent the formation of carbides
and nitrides, facilitating that interstitials are available for diffusion. In addition,
Cr retards the bainitic transformation [320] which hinders the formation of this
phase from the retained austenite during the partitioning steel. Finally, because the
presence of Cr increases its solubility limit of N [321], this element could be also
used as a stabilizing element for austenite in addition to carbon.

Mola et al. have been the first to investigate the Q&P process in stainless steels
[314]. They used a commercial ferritic stainless steel grade AISI 430 which can be
partially transformed to austenite during the austenitization heat treatment. Upon
quenching below the Ms temperature, the microstructure would contain a mixture
of ferrite, athermal α′ martensite, and, depending on the quenching temperature,
some retained austenite. Several Q&P heat treatment parameters were investigated
in this work. The austenitization temperature was fixed to 1000 ◦C, holding for 5 s
(a microstructure composed of ferrite and 38 vol.-% of austenite is obtained). It was
found that the optimum QT temperature at which the amount of retained austenite
in the microstructure was maximized (~9 vol.-%) was around 160 ◦C. Increasing the
PT between 160 and 500 ◦C stabilized the retained austenite, while at 600 ◦C, the
stabilizing effect decreases. Figure 11.32 shows the mechanical properties obtained
from three different specimens of this steel: (i) water quenched from 1000 ◦C for
5 min (ferrite+martensite); (ii) annealed at 820 ◦C for 5 h (ferrite+M23C6); (iii)
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Fig. 11.32 Engineering stress-strain curves for quenched, Q&P-processed and conventionally
processed AISI 430. The work-hardening exponents (n) estimated from the tensile tests, for the
three different conditions investigated, are provided in the strain range, of the tensile curves,
highlighted with shaded rectangular areas: (i) direct quench sample, n = 0.16 (for an eng.
strain = 2–3 %); (ii) Q&P sample, n = 0.18 (for an eng. strain = 2–3 %); (iii) conventional
sample, n = 0.29 (for an eng. strain = 4–5 %) [314]

Q&P treatment consisting of Tγ = 1000 ◦C (5 min), QT = 150 ◦C (30 min) and
PT = 400 ◦C (30 min).

Due to the TRIP effect, the Q&P specimen shows higher ductility for a similar
strength and a superior work-hardening exponent (n) at low strains compared to
the sample directly quenched from 1000 ◦C. Besides, the authors observed that the
conventionally processed specimen exhibits about 3 % of yield point elongation,
not observed for the other two samples (direct quenching and Q&P). Since C is
linked in the form of (Cr,Fe)23C6 in the sample annealed at 820 ◦C, the static strain
ageing (yielding) in the conventionally processed sheet was attributed to N in solid
solution. In the directly quenched and the Q&P samples, the partitioning of C and
N to martensite and austenite, respectively, would leave the ferritic matrix free of
interstitials and eliminate the strain ageing. These results would demonstrate that
the Q&P processing can potentially also be used as a pre-treatment to eliminate the
static strain ageing in transformable FSS.

Tsuchiyama et al. [309] investigated the Q&P processing in an AISI 410 MSS
(12Cr-0.1C, wt.-%) and two additional similar steel grades in which the carbon
content was increased to study the influence of carbon content (12Cr-0.2C and
12Cr-0.3C, wt.-%). The Q&P processing parameters consisted of austenitization
temperature (Tγ) = 1000 ◦C (30 min), quenching temperature (QT) = 240 ◦C
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Fig. 11.33 (a) Change in volume fraction of austenite as a function of partitioning time for varying
partitioning temperatures; (b) strength-ductility balance for Q&P and Q&T heat treatments in AISI
410 SS [309]

(1 min) and partitioning temperature (PT) = 300–450 ◦C (5, 10, 120 min).
Figure 11.33a shows the influence of partitioning temperature and time on the
volume fraction of retained austenite. Figure 11.33b shows that with Q&P heat
treatments work-hardening enhances, and a better combination of mechanical
properties (balance tensile-strength/total-elongation) can be achieved compared
to conventional quenching and tempering (Q&T) heat treatments. In conditions
(PT = 450 ◦C for 10 min) at which the amount of retained austenite was maximized
(15 vol.-%), the longest elongation was obtained due to the TRIP effect. These
authors discussed that the addition of Si was not necessary to prevent carbide
precipitation because this would be retarded in high-chromium steel for two reasons:
(i) chromium reduces the diffusivity of carbon by attracting carbon atoms and
decreasing the thermodynamic activity of carbon [322] and (ii) the coarsening of
cementite proceeds with distribution of chromium between cementite and ferrite
[323]. However, they observed that during this partitioning heat treatment, small
M3C carbides precipitated in the martensite concluding that not all carbon could
diffuse to the austenite during the partitioning step. In a parallel work [316], these
authors investigated the role of Si (0.94, 0.21 and < 0.01 wt.-%) in the same
type of stainless steels AISI 410 (12Cr-0.1C, wt.-%) subjected to Q&P and Q&T
processing treatments. Figure 11.34a shows the variation in the amount of retained
austenite with the partitioning time, at PT = 450 ◦C, for the three steels investigated
(QT = 240–250 ◦C; 1 min). Figure 11.34b displays the strength-ductility balance
for different heat treatment conditions and steels investigated. They concluded
that (i) even for the non-alloyed Si steel, the Q&P heat treatment improves the
ductility compared to Q&T heat treatments for the same strength value; (ii) 0.94 wt.-
% Si retards the precipitation of cementite significantly, increases the amount of
retained austenite and enhances its thermal stability after the Q&P heat treatment.
The mechanical properties of the highest silicon steel are greatly improved almost
doubling the strength (Q&P ~ 1300 MPa; Q&T ~ 750 MPa) for a similar value of
the total elongation (~25–27 %).
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Fig. 11.34 (a) Change in volume fraction of retained austenite as a function of partitioning time
at partitioning temperature of 723 K in Fe-12Cr–0.12C–Si (wt.-%) steels; (b) strength-ductility
balance of Fe-12Cr–0.1C (wt.-%) steels with Q&P (PT = 450 ◦C – 600 s) and Q&T (450–120 s;
500–3600 s; 550 ◦C-3600 s) [316]

Mola et al. also produced a very complete and well-described report on the
influence of different Q&P processing parameters in a higher carbon content
MSS AISI 420 (13Cr-0.3C) and the influence of these heat treatments on the
thermal and mechanical stability of austenite [317]. The conditions used in this
study consisted of Tγ = 1150 ◦C (2–2.5 min), QT = 50–200 ◦C (3 min) and
PT = 450 ◦C (3 min). At 1150 ◦C all carbides were dissolved. High-resolution
dilatometry experiments showed that as the QT was increased, the amount of austen-
ite transformed to α′ martensite during quenching decreased (small dilatation). The
subsequent partitioning step at 450 ◦C was able to stabilize the austenite as the
Ms of the untransformed austenite decreased. For a QT > 140 ◦C, the Ms of the
untransformed austenite was located below room temperature after the partitioning
step. Direct quenching to room temperature retained 9.8 vol.-% of austenite. Figure
11.35a shows the influence of the quenching temperature on the volume fraction of
retained austenite for two partitioning temperature conditions (300 ◦C-2 h; 450 ◦C-
3 min) as estimated using different experimental techniques (dilatometry, XRD
and magnetic saturation measurements). Figure 11.35b shows the evolution with
the quenching temperature (QT) of the primary martensite (transformed after the
first quenching and tempered during the partitioning step), secondary martensite
(fresh and non-tempered martensite obtained upon quenching to room temperature
after partitioning) and the retained austenite phase fractions in the Q&P specimens
partition treated at 723 K (450 ◦C) from dilatometry calculations (dashed lines).

Figure 11.36a shows the stress-strain curves for Q&P specimens partition treated
at 723 K (450 ◦C) as a function of the quenching temperature for the same
AISI 420 MSS [317]. Figure 11.36b summarizes the mechanical properties of
Q&P specimen partition treated at 723 K and 573 K (450 ◦C and 300 ◦C) for
different quenching temperatures. Two groups of samples can be distinguished;
those having fresh untempered martensite in the microstructure (QT ≥ 140 ◦C)
and those who have not. The first group showed lower elongation and yield stress
due to the presence of brittle fresh untempered martensite that lead to having a
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Fig. 11.35 Q&P heat treatments in an AISI 420 MSS: (a) retained austenite fractions as a function
of quench temperature for Q&P-processed specimens partition treated at 723 K and 573 K (450 ◦C
and 300 ◦C). The austenite fractions measured by XRD and magnetic saturation are included for
comparison; (b) primary martensite, secondary martensite and retained austenite phase fractions
in the Q&P specimens partition treated at 723 K (450 ◦C) from dilatometry calculations (dashed
lines). The nonzero secondary martensite fractions at quench temperatures ranging from 323 K
to 398 K (from 50 ◦C to 125 ◦C) originate from the nonlinear coefficient of thermal expansion
(CTE) of ferrite and austenite. The corrected values after offsetting to zero of secondary martensite
fractions in this range are represented by solid lines. The summation of primary martensite,
secondary martensite and retained austenite fractions invariably gives 1 [317]

brittle fracture during the tensile tests. The best maximum elongation (15.7 %;
UTS = 1570 MPa) was obtained for a quenching temperature of 80 ◦C at which
the amount of retained austenite is around 20 vol.-%, far from the maximum
amount obtained at QT = 140 ◦C. This result highlights that not only the amount
of retained austenite but other factors, extensively reviewed by other authors, like
carbon content, grain size and grain geometry, could affect the stability of austenite,
the TRIP effect and its ability to enhance the ductility of steels. In addition, these
authors found that in this steel, austenite stabilization also occurs due to the local
carbon enrichment at austenite grain boundaries and austenite/martensite phase
boundaries which deactivates nucleation sites for martensite formation. This effect
is larger when higher amount of primary martensite formed (i.e. the lower the QT).
However, these authors did not refer to this stabilization as being mechanical or
thermal. But they explained that the lower the QT is, the higher the carbon content
and the higher the mechanical stabilization in the range of QT investigated. Besides,
the results of the authors showed that carbon enrichment of the austenite is much
lower than that expected for full partitioning due to cementite precipitation in α’
martensite. On the other hand, the thermal stability increased with the decrease in
the amount of retained austenite; therefore, the variation in the thermal stability with
QT does not necessarily correlate with the variation of the mechanical stability with
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Fig. 11.36 Q&P heat treatments in an AISI 420 MSS: (a) room temperature engineering stress-
strain curves for Q&P specimens partition treated at 723 K (450 ◦C). (b) Summarized tensile
properties of Q&P specimen partition treated at 723 K and 573 K (450 ◦C and 300 ◦C) for different
quenching temperatures [317]

QT, in the range of QT investigated. Similar conclusions to those observed in these
previous works were also obtained by Huang et al. [315] in different stainless steels
(13.1Cr-0.47C; 12.6Cr-0.46C-3.1Co; 12.8Cr-0.26C-0.17N, all in wt.-%).

Recently, the Q&P concept has also been used in a metastable ASS (14.9Cr-
0.16C-0.12N-2.9Ni-3.0Mn-0.5Si, wt.-%) [318]. In this type of steels, the Ms
temperature is usually around or below room temperature which makes it necessary
to apply cryogenic treatments to promote the formation of α′ martensite. A solution
treatment at 1150 ◦C for 30 min followed by quenching to room temperature
promoted the formation of an amount of 5.5 vol.-% of α′ martensite. Introducing the
steel in liquid nitrogen (QT = −196 ◦C) led to a microstructure composed of 58 vol.-
% of α′ martensite, the rest being retained austenite. Subsequently, the authors used
the following partitioning conditions: PT = 450 ◦C (3 min). Around this range of
temperatures and up to a holding time of 30 min, paraequilibrium M3C carbides
have been the only precipitated phase observed in the martensite [324] although
some authors have suggested that the following precipitation sequence could be
observed: MC → M3C → M7C3 + M23C6 + M6C [325]; and, thus, different
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Fig. 11.37 (a) Engineering stress-strain curves in the Q&P condition (QT = −196 ◦C;
PT = 450 ◦C, 3 min); (b) amount of austenite and α′ martensite after the tensile tests; (c) average
mechanical properties in the Q&P condition for alloy Fe-14.9Cr-0.16C-0.12N-2.9Ni-3.0Mn-0.5Si
(wt.-%) [318]

precipitation species could be found. This phase is less harmful to the corrosion
resistance (sensitization) as its formation requires less Cr (removed from the solid
solution). This would reduce the amount of interstitials available for partitioning
from martensite to austenite and the stability of austenite, but the yield strength of
the martensite would increase by nanoprecipitation [317]. The reduction in ductility
due to nanoprecipitation could be counteracted, by the presence of high amounts of
austenite (42 vol.-%) in the microstructure. XRD analysis of diffraction peak (311)γ
before and after the partitioning step showed a shift in position to lower angles
(larger lattice parameter) and an increase in asymmetry (nonuniform enrichment of
the austenite). The authors correlated the observed increase in the lattice parameter
of austenite with an increase of 0.1 wt.-% in the amount of interstitials in solid
solution in the austenite. Thus, the average interstitial content of austenite was
estimated to have increased from 0.28 wt.-% before partitioning to 0.38 wt.-%
after partitioning. Figure 11.37a shows the tensile tests performed on the Q&P
microstructure at different temperatures. The amount of strain-induced martensite
(α′) transformed after the tensile tests increases progressively when the testing
temperature is lowered from 100 to −40 ◦C (Fig. 11.37b). Both the strength (YS,
UTS) and the elongation (UE, TE) improve as the temperature is decreased (Fig.
11.37c). As it has been discussed in previous sections, the stacking fault energy
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decreases with temperature, and the tendency to form strain-induced α′ martensite
increases, which tends to enhance the ductility and work-hardening rate as it is
observed in these results. The following mechanical properties were obtained at
room temperature: YS = 1050 MPa, UTS = 1550 MPa and TE = 22 %. After the
test, the amounts of strain-induced martensite and retained austenite were around
19 vol.-% and 23 vol.-%, respectively.

11.4.5 High-Temperature Stainless Steels

The construction of new steam and nuclear (fission/fusion) power generation plants
and chemical and petroleum plants relies on the development of high strength,
corrosion, high-temperature oxidation and high thermal fatigue and creep-resistant
steels that can stand for long times at constantly increasing operating temperatures
and stresses. High-temperature stable microstructures, even under nuclear irradi-
ation in some cases, are required for these applications. The driving force for
the development of these steels is to improve the thermal efficiency and reduce
CO2 emissions and other environmentally dangerous gases that contribute to the
greenhouse effect. In this regard, due to the increasing demands in electricity, which
are expected to grow in the coming decade, it is becoming critical to replace current
fossil fuel based electrical production (which in 2006 was, for example, 70 % of the
total electricity generated in the US) with cleaner energy-generating sources that do
not contribute to these emissions (nuclear, hydropower, wind, geothermal and solar,
which constitute only the remaining 30 %) [326].

Numerous studies on heat-resistant steels actively conducted since the early
1970s have allowed great progress in 9–12 wt.-% Cr ferritic/martensitic steels, ASS,
FSS and oxide dispersion-strengthened (ODS) steels. Because, formally, stainless
steels are considered as those possessing a chromium content above 12 wt.-%
(though some times as low as 10.5 wt.-%), the extensive research and development
in producing novel 9 wt.-% Cr steels for steam and nuclear plants will be not
mentioned in this chapter with detail except for some cases in which mainly the
processing rather than the alloying could be translated to higher chromium steels to
improved their creep properties. To have a more complete view on the development
of this type of steels (9 wt.-% Cr), the readers are referred to some general books,
encyclopaedias or recent reviews [305, 327, 328]. In this section, we will focus on
existing trends in novel alloying strategies published in the recent scientific literature
aimed at improving the creep behaviour of stainless steels.

11.4.5.1 Austenitic Stainless Steels

Zhou et al. recently summarized some of the most characteristic commercial heat-
resistant ASS which comprise TP347H, Super304H, NF709, Sanicro25 and HR3C
[329]. These alloys are typically 18Cr-8Ni, 20Cr-25Ni or 22Cr-25Ni combined with
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0.8–1.6Mn and 0.1–0.6Si (wt.-%). The creep strength or heat-resistant ability of
these alloys is based on alloying with elements like Ti, Nb, Cu, W, Mo and N. The
first three elements (Ti, Nb, Cu) are added to improve the precipitation hardening
through the formation of nanoprecipitates, a strategy that has already been discussed
before for precipitation hardening steels: W for high-temperature solid solution
strengthening, Mo for pitting resistance and solid solution strengthening and N
to enhance the MX precipitation and increase strength and corrosion resistance.
In the last decade, a similar alloying strategy with or without novel processing
routes has been employed in experimental alloys to improve the creep strength and
other high-temperature properties, like oxidation/corrosion resistance, compared
to existing commercial alloys. From the point of view of improving the creep
strength, two groups of alloying strategies can be found in the recent literature;
where the strengthening is based on (1) the MX and Z-phase and (2) the MX and/or
intermetallics such as the Laves (Fe2Nb), NiAl-B2 and/or Ll2-ordered γ′-N3(Al,Ti).
In these two groups of alloys, the use of Cu was sometimes introduced to add the
positive independent strengthening effect by Cu nanoprecipitates.

As an example of a seminal research corresponding to the first group, Sawaragi
et al., by alloying with around 3 wt.-% Cu, 0.4 wt.-% Nb, 0.1 wt.-% N, conceived,
25 years ago, the novel Super304H ASS that improved the 105 h creep rupture
strength at 600–700 ◦C by more than 20–30 % compared to the existing TP347H
grade (which only contains 0.8 wt.-% Nb with no Cu) [330]. In this work, the main
cause for the improvement of the creep strength was attributed to the intragranular
coherent precipitation of copper nanoparticles, in addition to the contribution by
other precipitates like Z-phase (NbCrN) and NbCN. Park et al. [331] suggested that
adding 0.3 wt.-% V to the composition of this Super304H ASS could improve the
creep strength. Lower reheating temperatures are necessary to dissolve coarse V-rich
precipitates compared to Ti- and Nb-rich phases, and, thus, V can be more readily
available for nanoprecipitation. This alloying element has been used extensively
in 9–12 wt.-%Cr martensitic heat-resistant steel to promote the formation of
MX nanoprecipitates which contribute to the enhancement of the creep strength
[164]. Park et al. observed that the modified V-rich Z-phase (CrNbVN) and Cu
nanoprecipitates formed during creep deformation, improving the creep strength.
Other phases that were observed in the microstructure were NbCN and V-rich M2X
that transformed to Z-phase during creep.

Alternative alloying strategies to improve creep resistance include the use of B
and rare earth elements (Ce, La) in addition to the microalloying elements. Laha
et al. [21] who modified grade AISI 304 with different additions of Ti, Nb, Cu, B
and Ce (9 alloys in total), found that creep resistance was improved by the addition
of Nb, Ti and Cu. However, the major improvement was obtained by supressing
of creep cavitation via alloying with B and Ce in addition to Nb/Ti/Cu. This was
because (i) Ce links with S, preventing its segregation to the grain boundaries, which
increases its cohesive strength and retards cavity nucleation; (ii) segregation of B
instead of S on the cavity surfaces retards the cavity growth rate. The presence
of Ti, Nb and Cu contributed to the precipitation hardening of the matrix by the
formation of (Ti,Nb)(C,N) and Cu nanoprecipitates. A similar investigation was
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Fig. 11.38 (a) Variation of creep rupture life; (b) variation of cavity growth rate with creep
exposure at 78 MPa and 750 ◦C (1023 K) for grade AISI 347, modified 347 with 3 wt.-% Cu
(347Cu) and modified 347 with 3 wt.-% Cu, 0.06 wt.-% B and 0.015 wt.-%Ce (347CuBCe) [20]

carried out by these authors using grade AISI 347 alloyed with Cu and/or B and
Ce, and similar conclusions were obtained [20]. Figure 11.38 shows the variation of
the creep rupture life and of cavity growth rate with creep exposure at 78 MPa and
750 ◦C (1023 K).

Vu and Jung conceived a novel Fe-15Cr-15Ni-2.9Cu (wt.-%) heat-resistant steel
alloyed with 0.40Nb-0.26N-4.0Mn-1.47Mo (in wt.-%) [39]. The proposed increase
in N and reduction of C (0.04 wt.-%) aimed at promoting the more thermally stable
NbN instead of NbC and minimizing the volume fraction of M23C6 carbides at
grain boundaries. Besides, the addition of Mn increases the solubility of N and,
along with Mo, reduces its activity, which slows down the formation kinetics of
MX precipitates. Mn also reduces the price by allowing for a reduction of the Ni
content. At the same time, these two elements (Mn, Mo) increase the activity of
Nb which, along with the low activation of N, aims at stimulating a denser and
finer precipitation of NbN. The relatively low amount of Nb compared to other
commercial alloys also prevents the formation of coarse Nb(C,N) precipitates. The
results show a better creep strength than commercial NF709 ASS at 750 ◦C using
78–200 MPa. The two main precipitates that played a key role were (Nb,Cr)N
precipitates, at the early stage, that evolved to Z-phase during creep, at longer times.
According to these authors, contrary to some investigations in other stainless steels
[40], these Z-phase precipitates show a high coarsening resistance and contributed
to improve the creep strength in this steel. Cu particles also contributed to the
strengthening. Surprisingly, the presence of other phases like M23C6, χ-phase at
grain boundaries or Cr2N inside the grains did not have any detrimental influence. In
a separate survey, these researchers also observed that by introducing a hot rolling
step after a solution heat treatment at 1270 ◦C, the creep strength was improved
by stimulating a more uniform distribution of nano-sized carbonitrides although its
volume fraction was lower compared to a conventional heat treatment without the
hot rolling step, due to the formation of M23C6. In addition, number density and
distribution of the copper precipitates were not affected by the hot rolling; however,
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these particles are less thermally stable than the carbonitrides. The refinement of
the microstructure and the coarser and higher volume fraction of M23C6 at austenite
grain boundaries were likely the reason for a decrease in the creep ductility [332].

The applicability of Fe-Cr-Mn-N alloys (Ni-free or low-Ni), replacing the more
expensive Fe-Cr-Ni alloys, for high-temperature applications has also been explored
by some researchers. As it has been discussed before, Mn has been suggested to
replace Ni because it is the most effective alternative as an austenite stabilizer
to reduce costs [333, 334]. In some of these alloys, N is also added in the
composition to improve (i) the corrosion resistance of low-Ni steels [335] and (ii)
the creep strength by enhancing the formation of more stable MX nanoprecipitates.
Lee et al. by adding Nb (0.43 wt.-%) and Cu (2.0 wt.-%) to a Fe-14Cr-10Mn-
2.5Ni (wt.-%) alloy were able to suppress the nucleation of Cr2N and promoted
Z-phase and MX formation [336]. Besides, during creep, Cu alloying promoted
the independent precipitation of strengthening nanometre-sized Cu particles that
contributed significantly to improve the creep strength. Thus, alloying with these
elements turned out to improve the creep resistance of the steels. The formation of
M23C6 at the grain boundaries was also observed during creep deformation.

The second group of novel heat-resistant stainless steels under development
for structural components in coal-fired power plants is the carbide/intermetallic
strengthened alumina-forming austenitic (AFA) stainless steel [49, 337]. These
alloys were initially conceived during the 1970s. Yamamoto et al. have recently
unveiled that alloying this steel with Al using minimum amounts of 2.5 wt.-%
promotes the formation of a protective Al2O3 layer at 600–900 ◦C provided that Ti
and V are removed from the composition (if these two elements are also present,
higher amounts of Al are necessary to promote the formation of the alumina
layer). This layer confers superior oxidation and corrosion protection compared to
the usual Cr2O3 layer formed in conventional stainless steels [337]. When Ti/V
are present, only internal oxidation occurs; therefore, to overcome the removal
of Ti/V, high amounts of Nb (>0.6 wt.-%) were considered, and this seemed to
enhance the stability of the alumina layer. Concerning the character of Al; this is a
ferrite-forming element that promotes the formation of δ-ferrite and σ-phase at high
temperatures, which deteriorates the creep strength significantly. Thus, the addition
of this element along with Cr and Ni has to be optimized to avoid the formation of
these phases. The amount of Al and Cr in these alloys usually varies between 2.5–
5.0 and 12–15 wt.-%, respectively. Due to the high amount of Al, high levels of Ni
need to be employed (20–32 wt.-%), in spite of its high price, to avoid the formation
of δ/σ-phase [49]. On the other hand, the additions of W, Mo, Cu, B, 0.3–3.5 wt.-%
Nb, ≤3 wt.-% Ti, ≤0.3 wt.-% Zr, ≤0.2 wt.-% Si and ≤ 0.1 wt.-% C, which would
also modify the stability of the austenite when present in solid solution, have been
used to stimulate the formation of strengthening carbides and intermetallic phases.
The strengthening species that contribute to the creep resistance of the AFA grades
depends significantly on whether Nb and C are present or not. Yamamoto et al.
developed a grade that was strengthened by nanocarbides (mostly NbC) and realized
that maximizing the formation of nanoscale MC carbides was the key to optimizing
creep resistance of these AFA alloys, with an additional minor contribution of NiAl-
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B2 and Laves Fe2(Mo,Nb) [338]. Although NiAl-B2 is effective strengthener only
below 425 ◦C in Fe-Cr-Ni-Al steels [339], recent reports in AFA steels suggest
that they improve the creep resistance up to higher temperatures [340]. When
C was eliminated, the Laves Fe2Nb and/or NiAl-B2 phase were the key phases
that improved the creep behaviour [341, 342]. In this case, the formation of Ll2-
ordered γ′-N3(A,Ti) occurred during service conditions, although their contribution
to the creep strength was discussed to be negligible. These investigations have also
reported that the presence of Si (0.2 wt.-%) refines the Laves phase and prevents
its coarsening, enhancing the creep strength. In another report, Yamamoto et al.
published that alloying with Ti and Zr increases the volume fraction and stabilizes
Ll2, respectively, against B2, and this seems to improve the creep strength in Fe-
14Cr-32Ni-3Nb-(3-4)Al (wt.-%) alloys [50]. The strategy of substituting Ni by Mn
has also been explored by these authors [343]. However, in this type of alloys, Cu
has been included in the composition as an additional austenite stabilizer because
the inclusion of N, along with Mn, would lead to the formation of coarse AlN
precipitates. Cu contributes to the strengthening through nanoprecipitation as it
has been discussed extensively. The Mn/Cu-alloy steels could find application in
chemical and petrochemical industries substituting alloy AISI 347, under service
temperatures below 650 ◦C, but not in coal-fired steam power plants due to their
lower creep resistance.

Zhao et al. investigated the influence of Cu (2.8 wt.-%) in a Fe-15Cr-20Ni-Mo-
Al-Nb-V-B (wt.-%) alloy and found that this element also promotes the formation
of Ll2 against B2 and the precipitation of Cu nanoparticles all together improved
the creep behaviour [344]. Other investigations by Hu et al. have reported that
the main strengthening phase in a Fe-14Cr-32Ni-3Nb-3Al-2Ti (wt.-%) alloy was
the Ll2 precipitates. In this alloy the presence of B and C did not influence Ll2
precipitates but enhanced the grain boundary coverage by the Laves phase and
B2-NiAl precipitates and suppressed their coarsening. By increasing the grain
boundary cohesion and optimizing the grain boundary precipitate distribution, an
improvement in the ductility was achieved [55]. Separately, Jang et al. reported
that the addition of W to a Fe-14Cr-20Ni-2Mn-2.5Al-1Mo-0.8Nb-0.08C-B (wt.-
%) steel improved the creep strength via the enhancement of the precipitation
hardening associated with the Laves phase and suppressed the σ-phase formation
[345]. Besides, as it would be expected, cold-working accelerates the precipitation
kinetics of all these intermetallic phases [51].

Figure 11.39 shows the Larson-Miller parameter (LMP) of some AFA alloys
developed by Yamamoto et al. together with those of commercially available
chromia-forming heat-resistant stainless steels, plotted as a function of stress. The
reason why the AFA alloy with a higher Ni content has a lower creep resistance is
not clear yet [49]. However it should be borne in mind that a higher amount of Ni
benefits the oxidation resistance [346].

The failure of heat-resistant ASS at high temperatures is generally due to
nucleation and coarsening of carbides and/or intermetallic phases, mainly located
at grain boundaries, after long-term exposure above 600 ◦C [329]. Failure due to
M23C6, Z-phase, Laves or σ-phase has been reported, although in some occasions,
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Fig. 11.39 LMP plot of AFA alloys together with commercially available heat-resistant steels and
alloys [49]

as it has been mentioned above, some of these phases also have a positive influence
on the creep behaviour:

(a) M23C6 present as fine precipitates can contribute to the strengthening of the
steel, but as they coarse under service conditions at high temperatures, they
serve as nucleation sites for void/crack formation after long high-temperature
ageing. Besides, they may promote the sensitization of the steel leading to inter-
granular corrosion. It has been recently reported that failure of Super304H ASS
occurs due to the precipitation and coarsening of M23C6 at grain boundaries [26,
27] by creep cavity formation under service conditions. A reduction in creep
ductility has also been observed to be associated with the presence of coarse
M23C6 [39]. On the contrary, other works have shown that (1) the presence of
phases like M23C6, χ-phase or Cr2N did not have any detrimental influence
during creep of a Fe-15Cr-15Ni-Mn-Nb-Mo-N (wt.-%) alloy at 750 ◦C (78–
200 MPa) [332]; or (2) by applying a heat treatment around 700–800 ◦C to Cu
alloyed AISI 304, the creep resistance was improved due to (i) the precipitation
of M23C6 carbides at grain boundaries with an optimum interspacing and
volume fraction; (ii) the serration of grain boundaries by the precipitation of
this phase and (iii) increase in the number of �3 twin boundaries [347].

(b) Z-phase (NbCrN) plays a similar role as M23C6 carbides; as fine nanoprecipi-
tates it contributes to the strengthening [39, 331, 336], but when they coarsen,
properties like fatigue suffer.

(c) σ-Phase precipitates present at grain boundaries deteriorate the creep strength,
toughness and corrosion resistance. They may transform from austenite, δ-
ferrite or M23C6 during creep. It has been reported that the failure of Super304H
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ASS is due to the formation of this phase [106] by creep cavity formation under
service conditions.

(d) Laves phase (Fe2Nb, Fe2Ti), similarly to the σ-phase, deteriorates the tough-
ness, ductility and corrosion resistance (known as Laves phase embrittlement).
However, some reports have suggested that nanoprecipitates of this phase, of
which refinement is promoted by Si addition, may improve creep resistance
[105]. Chen et al. [54] investigated two Fe-20Cr-30Ni-2Nb (wt.-%) alloys (with
and without B) and found that the precipitation of the Laves phase (Fe2Nb)
at grain boundaries contributed to the strengthening and improved the creep
resistance. In addition, the segregation of B at grain boundaries enhanced the
precipitation of this phase and improved the creep behaviour even further.

Besides these advances in creep as well as corrosion/oxidation resistance, the use
of austenitic steels in nuclear applications, at high temperature, even under moderate
irradiation doses, is still a major problem. The influence of neutron irradiation in
ASS has been studied for long time because this type of steels has broad applications
as structural components in light water reactors and fuel cladding in fast spectrum
nuclear reactors [348, 349]. However, a major limitation of these steels regards
with having significant void swelling accompanied by precipitation at moderate
neutron irradiation doses (>10 dpa) compared to ferritic or ferritic-martensitic
steels at 300–700 ◦C [350]. Though this section is devoted to high-temperature
resistance, the issue concerned with high-temperature resistance under irradiation
conditions is of the major importance in the nuclear power-generating industry. To
overcome this weakness and improve the swelling resistance or other properties
like strength, stress corrosion cracking or oxidation resistance of ASS, a number
of recent works have reported positive effects: (i) through the refinement of the
microstructure down to the ultrafine range (<1 μm) [351] or (ii) by grain boundary
engineering [352, 353]. Sun et al. [351] obtained ultrafine microstructures in a AISI
304 L grade (~100 nm) by using severe plastic deformation (ECAP) at 500 ◦C.
They reported an improvement in the Fe ion irradiation resistance, at 500 ◦C,
compared to the coarser (~35 μm) counterparts of the same alloy. The thermal
stability of these microstructures was excellent up to 600 ◦C that led to having
stable defect sinks (HABs) that contributed to having a reduction of void swelling.
Figure 11.40 compares the results of this study concerning void swelling using Fe
ions (blue and red data points) with neutron-irradiated AISI 304 [354]. At a similar
radiation dose, 80 dpa, the swelling resistance improved by an order of magnitude.
In addition, the average void swelling rate over 35–80 dpa in the coarse and ultrafine
microstructures was ~0.18 %/dpa and ~0.03 %/dpa, which is a reduction by a factor
of five. Besides, no M23C6 precipitation was observed in ultrafine grains compared
to the coarse grains where their presence was extensive. These authors concluded
that UFG austenitic stainless steels have promising applications in extreme radiation
environment and the use of nanograins in combination with other defect sinks, such
as high-density nanoscale oxide or nitride precipitates, could lead to even greater
improvement in radiation resistance.
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Fig. 11.40 Comparison of
void swelling of 304L SS
irradiated by Fe ions (this
study) and fast neutrons
spectrum [351]

11.4.5.2 Ferritic Stainless Steels

Ferritic heat-resistant steels have been widely used in high-temperature components
in power plant applications. As it has been argued, new heat-resistant steels
are required for advanced ultra-supercritical (A-USC) thermal power plants with
operational temperatures ≥700 ◦C. The effort in developing ferritic stainless steels
for structural components of these power plants is justified by their much smaller
heat expansion coefficient which minimizes cracking during thermal-shocking,
leading to a better thermal fatigue resistance [355]. Novel FSS should have high
Cr content to offer high corrosion/oxidation resistance above 650 ◦C compared to
existing creep strength enhanced ferritic steels (CSEF, 9–12 wt.-%), like P/T91–
92, generally limited to T < 620 ◦C [356]. However, using high Cr contents
would more likely develop Z-phase from MX precipitates, resulting in a drop
in the creep strength [40, 357, 358]. It seems difficult to improve at the same
time long-term creep strength and oxidation resistance using the same alloying
approach as for 9–12 wt.-% ferritic-martensitic steels. Therefore, novel alloys
are putting their focus on improving the mechanical properties via intermetallic
rather than via MX precipitation. According to Kuhn et al. [48], this concept was
raised for the first time in 2001 by the National Institute of Materials Science,
Japan [359], and their patent considered Fe-Cr (>13 wt.-%) alloys in which the
following intermetallic phases were present: Laves phase (Fe2W, Fe2Mo), μ phase,
σ phase and/or Ni3X (X = Al or Ti). Around the same time, the Institute for
Energy and Climate Research, Microstructure and Properties of Materials (IEK-
2) of Forschungszentrum Jülich and ThyssenKrupp VDM (now Outokumpu VDM)
developed high-chromium (22 wt.-% Cr), ferritic stainless steels for the application
in high-temperature (700–800 ◦C) automotive solid oxide fuel cell (SOFC) [360]
that led to the development of Crofer

®
22 APU and Crofer

®
22 H (SOFC is an

energy conversion device that produces electricity by electrochemically combining
a fuel and an oxidant across an ionic conducting oxide electrolyte [361]). The



11 Stainless Steels 537

addition of W, Nb and Si to Crofer 22 H compared to Crofer 22 APU leads to a
much higher creep strength at 700 ◦C due to the intra- and intergranular formation
of the Laves phase. At 800 ◦C after long exposure, Laves phase was only present
at grain boundaries, and this led a decrease in creep strength of Crofer 22 H alloy;
however, the strength of this alloy was still higher than for Crofer 22 APU due to
the solid solution strengthening of W [47]. Other phases that were observed in these
alloys are (Nb,Ti)(C,N) and La2O3.

In the last decade, several FSS strengthened by intermetallics with high
creep/oxidation/corrosion resistance have been proposed. These alloys add to
the base Fe-Cr composition different amounts of Nb, Ti, Si, W or rare earth
elements (La) to stimulate the formation of intermetallic nanoprecipitates with high-
temperature stability that could substitute MX as strengthening precipitates and
enhance the creep behaviour. The precipitates used to strengthen these novel FSS are
the G-phase (M6Si7Ni16, M = Nb,Ti) and the Laves phase ((Fe,Cr,Si)2(Nb,W,Ti));
however, in alloys where microalloying elements (Ti, Nb) are employed, the
formation of MC (M = Nb,Ti) carbides results, which is sometimes inevitable even
for ultralow-carbon grades (<0.02 wt.-%C) [30]. This would prevent the formation
of coarse M23C6 grain boundary carbides but not the long-term formation of the
Z-phase during ageing.

Taking commercial alloys Crofer 22 APU and Crofer 22H [47, 360, 362, 363] as
basis, Kuhn et al. have developed several Fe-(18–22)Cr FSS alloyed with different
amounts of Cr (18–23), Nb (0.48–0.57), W (1.75–2.5) and Ti (≤0.065) in wt.-%
[48, 364–366]. Among the experimental alloys investigated, the one with the higher
amount of W (2.5) and Nb (0.57) gave the best creep properties (Fig. 11.41) due
to the formation of nanometre-sized highly stable Laves phase ((Fe,Si,Cr)2(Nb,W)
that show very slow coarsening kinetics even after 30,000 h at 600 ◦C. The results
were compared with the results obtained for ferritic-martensitic P92 alloy [367]. For
the FSS with the higher chromium content (<22 wt.-%), coarse Laves and sigma
phase areas were observed at grain boundaries after creep testing. The role of these
coarse particles in the rupture of these alloys is yet to be investigated according
to the authors. These alloys have also showed excellent steam oxidation resistance
compared to ferritic-martensitic steels. All these results show the potential of FSS
strengthened by intermetallic phase to be applied as structural materials in steam
power plants at operating temperatures above 620 ◦C.

Yang et al. have recently developed novel Fe-20Cr-3Ni-3Si-1Mn (wt.-%) FSS
alloyed with different amounts of microalloying elements Ti (1.5–2.0 wt.-%) and
Nb (2 wt.-%) with the main target of using, for the first time, the G-phase [368] as
a strengthening phase in FSS [29, 30]. In the early investigation, two phases were
detected in the steels alloyed with 2Ti and 2Nb, after ageing at 660 ◦C, Laves phase
(Fe2Nb, Fe2Ti) and G-phase [29]. In the Ti-alloyed steel, the strengthening effect
measured at room temperature was much more pronounced compared to the Nb-
alloyed one and mainly due to the more pronounced formation of the G-phase. In a
more recent report [30], the same steel alloyed with Ti (now referred to as having
1.5 wt.-%), was subjected to a wider range of isothermal heat treatments at low
(<550–700 ◦C) and high (800–1100 ◦C) temperatures. The following precipitates
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Fig. 11.41 Examples of creep curves for alloys 1.75W-0.57Nb, 2.1W-0.49Nb0Ti (wt.-%) and
2.5W-0.57Nb-0Ti (wt.-%) at 600 ◦C in air (stress levels indicated). Arrows show experiments in
progress. All other plots reached rupture. The symbols mark the interruptions during discontinuous
creep testing in comparison to P92 (1040 ◦C–1070 ◦C, 2 h/730 ◦C–800 ◦C, 2 h) at 100 MPa [48]

were now reported: (1) at high temperatures, ultrafine TiC and coarse Laves (Fe2Ti)
phases were formed mainly intragranularly and at grain boundaries, respectively,
while at low ageing temperatures, ultrafine TiC formed inter- and intragranularly
and nanometre-sized G-phase appeared intragranularly. The stability of the G-phase
was up to around 750 ◦C although thermodynamic calculations showed that the
synergistic effect of adding increasing amounts of Ni, Si and Ti could raise the
volume fraction of this phase, improving its high-temperature thermal stability and
minimizing the formation of the Laves phase. These results suggest that these steels
could be used for high-temperature applications. Preliminary room temperature
experiments showed that ageing at 560 ◦C for 3–8 h increased the compression
YS at room temperature from 700 to 1700 MPa.

In contrast to these approaches, Lu et al. have designed a computational model
focused on maximizing the solid solution strengthening in FSS instead of the
precipitation hardening [369], though they have also developed a model to include
precipitation hardening in creep-resistant MSS [99]. These authors discuss that solid
solution strengthening is a time-independent factor during creep testing provided
that no precipitation takes place in the microstructure during high-temperature
exposure. Precipitation would remove atoms from the solid solution and lead to
the failure of the steel depending on the phases formed and amount of elements
removed from the solid solution. A generic alloy design approach coupled with
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thermodynamics software is used to design both the optimum composition and
the solution temperature that can perform well at service temperatures around
650 ◦C. Alloying elements Mn, Al, Si and Ni are found to give the highest strength
contribution; however, elements like W, which are employed in novel compositions
as a potent solid solution strengthener at high temperatures were not considered
in this investigation. This approach has been applied to existing commercial FSS
compositions to validate the model predictions and approach. The authors concluded
that with the current model novel alloys could be designed with higher solid solution
strengthening compared to existing commercial alloys. Among the six compositions
designed in this research, the authors argued that the optimum one would be Fe-
12.3Cr-5.5Ni-10.7Mn-3.8Mo-3.3Si-5.2Al-1.9Ti-1.8 V (wt.-%) alloy.

Recently, Shibuya et al. have developed a different kind of FSS Fe-15Cr-
6W-1Mo-0.2V-0.06Nb-0.05C (wt.-%) alloy with different amounts of Ni (up to
2.15 wt.-%) and Co (2–3 wt.-%) which show a ferritic matrix with some islands
of martensite at the grain boundaries depending on the amount of Ni/Co [46, 370,
371]. For the alloy with the highest amount of Ni (2 wt.-%) and Co (3 wt.-%), the
maximum amount of martensite was obtained (~30 %), in good agreement with the
thermodynamic calculations. The results showed that the addition of Co improves
the creep strength. These alloys increased the rupture lives significantly compared
to alloy T92 at 650–750 ◦C. After creep rupture at 650 ◦C, the microstructure
contained Laves phase (Fe2M), χ-phase (Fe36Cr12M10) and μ-phase under 1 μm in
size precipitated intragranularly in ferrite, while M23C6 carbides were precipitated
in the martensite or at the grain boundaries. At this temperature the creep rupture
times were short, and no precipitation within the martensite was observed. In a more
recent report, the authors have investigated with more detail the influence of Ni (0.9–
2.15 wt.-%) for a fixed Co value of 2 wt.-% on the creep behaviour at 650–750 ◦C
[371]. They have found that the creep rupture lifetimes were 100 times that of T92
ferritic-martensitic steel and the creep strength after 10,000 h at 650 ◦C was double
of that of this steel. In this case, the results showed that contrary to a previous
work on these steels, creep rupture samples above 700 ◦C show precipitation of
intermetallic phases both within ferrite and martensite phases. Besides, it has been
mentioned that V-rich Z-phase (Cr(V,Nb)N) was observed to be precipitated at the
grain boundaries. According to ThermoCalc calculations, MX ((V,Nb)(C,N)) was
also expected but not observed. The authors discussed that the improvement in creep
strength could be attributed to the precipitation of intermetallics and carbides at
grain boundaries. Figure 11.42 shows the creep rupture strengths of 15 wt.-% Cr
steels with various nickel contents at 650, 700 and 750 ◦C. The authors proposed
these intermetallic strengthened Fe-15 wt.-% Cr steels as promising creep-resistant
material for the next-generation fossil power plants.

11.4.5.3 Martensitic Stainless Steels

Nowadays, the energy conservation and the environmental protection are very
important topics and are the driving forces for the development and improvement of
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Fig. 11.42 Creep rupture strength of 15 wt.-% Cr steels with various Ni contents compared with
a conventional heat-resistant steel (ASME T92, dashed line) at 650 ◦C (923 K), 700 ◦C (973 K)
and 750 ◦C (1023 K) [371]

12 wt.-%Cr (12Cr) heat-resistant steels. For the future power plants, the reduction
in fuel consumption and the CO2 emission will be achieved by increasing the
efficiency. This implies an increase in the operation temperature and the steam pres-
sure. For the 12Cr heat-resistant steels employed for high-temperature applications
in components of power plants good corrosion resistance, mechanical properties
and fabricability are mandatory. Among mechanical properties, creep strength is
the most highlighted property to validate these steels for high-pressure and high-
temperature applications. The required improvement in the creep strength has led
different research to be divided in this chapter into two lines as presented below.

Improvement in Creep Strength by Chemical Composition Modification
The creep strength of the 12Cr heat-resistant steels can be improved considering the
different strengthening sources available at high temperature that allow stabilizing
the microstructure for a long time. The most important sources are the solid solution
strengthening and precipitation strengthening.

The solid solution strengthening of W and Mo has been widely demonstrated
for these steels. However, it is important to control adequately the amount of these
elements because at high contents they can promote the formation of delta ferrite
which decreases the creep strength. Another problem produced by the high content
of these elements is the formation of Laves phase [372, 373]. This phase coarsens
very fast during operation and reduces the life of the component and its ductility.
Re is another element often used due to its very similar behaviour to Mo and W
[374]. Although, when a high content of these delta ferrite promoting elements is
employed to increase the solid solution strengthening, other elements can be added
to inhibit the formation of this undesired phase. Ni, Cu and Co are austenite formers
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and are able to inhibit the formation of delta ferrite by decreasing the chromium
equivalent.

Concerning the precipitation strengthening, it is important to consider, first of
all, the two most important precipitates present in these steels after tempering, the
M23C6 carbides and the MX carbonitrides. The M23C6 carbides are located on prior
austenite grain boundaries, block boundaries and lath boundaries. They contain a
high amount of Cr and other metals that can help to its stabilization such as W. The
MX carbonitrides are located within the lath and are enriched in V, Ti and Nb. The
main advantage of these carbonitrides compared to M23C6 carbides is their higher
thermal stability. By contrast they are found in a very low volume fraction, around
ten times lower than that for the M23C6 carbides.

Currently, two main methodologies exist to improve the creep strength in steels
strengthened by MX precipitates. The first one consists in increasing the addition
of MX precipitate formers. This strategy aims at increasing the volume fraction
of these precipitates and, consequently, stabilizing the microstructure by pinning
dislocations during creep [375, 376]. The increase of MX promoting elements
implies the increment in V, Nb and N. In the case of fusion application, Nb is
replaced by Ta [44, 377]. However, the C content is not increased because the
increment of C affects directly the formation of M23C6 carbides and increases their
volume fraction, while it does not affect the MX carbonitride volume fractions
significantly [378]. Following this line of research, Tan et al. developed a new
alloy grade called CNAs (castable nanostructure alloys) for advanced fusion reactors
[379]. These alloys contain just 9 wt.-% Cr, so they cannot be considered stainless
steel, but the results shown in this work tried to demonstrate the potential of this
route to be explored in 12 wt.-% Cr alloys. In these alloys, the increase of MX
volume fraction is achieved by adding N, Ta, V and Ti. Some of these alloys
showed significantly refined MX nanoprecipitates with a high number density,
two orders of magnitude higher than that obtained for the conventional reduced
activation ferritic/martensitic (RAFM) steels. These optimized compositions lead to
improvements in YS, creep resistance and Charpy impact toughness compared to
these conventional RAFM steels.

The second methodology explores the stabilization of the M23C6 carbides to
prevent or delay their coarsening during creep. This stabilization is promoted by
adding B and N. Abe et al. concluded in their work [380] that the addition of B and
N without the formation of BN allows stabilizing the M23C6 carbides in the vicinity
of prior austenite grain boundaries, which results in a retardation of the onset of
acceleration creep. It is important to mention that the B and N addition has to be
controlled to avoid the formation of BN, which decreases the B available for the
stabilization of the M23C6 carbides. The stabilization of these carbides by B occurs
because B atoms occupy vacancies in the vicinity of growing carbide interfaces
near prior austenite grain boundaries, which makes it difficult to accommodate
local volume change around growing carbides and hence causes the reduction in
the coarsening rate. These carbides, when coarsen, have been associated with the
formation of cavities at grain boundaries during creep, leading to the failure of the
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steel. This same approach of B alloying has been proven to be also successful in
preventing or delaying cavitation in ASS [21].

The investigations mentioned so far have focused on modifying the stability or
increasing the volume fraction of precipitates obtained after tempering, prior to the
operation. The problem with the approach that focuses on increasing the volume
fraction of MX nanoprecipitates is that these precipitates are not in equilibrium
with the matrix and tend to dissolve during operation to form a most stable phase,
the Z-phase. The Z-phase particles are slow to nucleate, but once formed they
coarsen very quickly and consume the beneficial MX precipitates. The coarse Z-
phase particles formed during service do not contribute to the strength of the
material and, thus, result in poor long-term creep resistance. Trying to overcome this
problem, Danielsen and Hald [381] have proposed to use the Z-phase precipitates
as strengthening dispersion instead of MX nanoprecipitates for 12 wt.-% Cr
martensitic steels. To have a positive effect on the creep strength, the Z-phase
precipitates have to be fine and homogeneously distributed with a high number
density. Besides, its coarsening rate has to be reduced by controlling the alloying
elements. Many works have been focused on studying the effect of C and other
elements such as Cu to stabilize the Z-phase. The most promising results concerning
the improvement of the creep strength, have been obtained when the C content has
been reduced dramatically, down to 0.005 C wt.-%. According to Rashidi et al. [44],
low C addition promotes mainly the formation of MX nitrides instead of carbides,
which transform to Z-phase quickly. As a result of this fast transformation during
the early stages of creep, Z-phase precipitates are very fine and remain as such after
long ageing times.

Improvement in Creep Strength by Alternative Processing Routes
An alternative approach to improve the creep strength that has been studied widely
by many authors consists in introducing a TMCP step during the manufacturing
of the steel [382–385]. Among these authors, Klueh et al. developed an optimized
TMCP that involves different processing steps [164, 386]. The first is the austen-
itizing, during which the steel is heated up to 1200–1300 ◦C. This temperature
should be high enough to dissolve most of the MX nanoprecipitates but not too
high to avoid the delta ferrite formation (eluding the formation of δ-ferrite is
mandatory as this phase decreases the creep strength). Then, the steel is cooled
down to an ausforming temperature. In this step deformation is applied to the
austenite to obtain, after cooling to room temperature, a martensitic microstructure
with a higher dislocation density compared to that obtained in the absence of
an ausforming step. Increasing the dislocation density in the martensite would
increase the number density and reduce the size of the MX nanoprecipitates after
tempering. As it has been discussed above, the presence of these precipitates
delays the degradation of the microstructures under service conditions. The results
reported showed that high number density of MX precipitates is obtained by the
TMCP compared to that obtained after conventional heat treatment that do not
include ausforming steps. These distribution and number density of precipitates are
very similar to that obtained in ODS steels. However, ODS alloys are produced
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by much more complicated and expensive powder-metallurgy/mechanical-alloying
procedures. The main disadvantage of this processing route is the low creep ductility
of the microstructures obtained, which is considerably lower than that obtained after
conventional heat treatment [387]. The risk of fast burst fracture for the power plants
components has to be avoided, so future work in the optimization of this processing
route is needed in order to avoid the drop in creep ductility.

Another alternative processing route that has been postulated as a promising heat
treatment to increase the operation temperature of 12 wt.-% Cr heat-resistant steels
is via the application of Q&P type of heat treatments. The research carried out so far
has only been applied to 9 wt.-% Cr steels as far as the authors know: Plesiutsching
et al. [388] investigated two heat-resistant steels typically used in power plants.
These authors performed Q&P and Q&T (quenching and tempering) processing
treatments using the same austenitization in four different conditions, i.e. Tγ = 1100
& 1150 ◦C for 30 and 80 min. Different austenite grain sizes were obtained (50,
100, 300 and 700 μm) in this way. Following were the QT and PT parameters of
the Q&P treatment. Steel 1: 0.07 wt.-%C, QT = 360 ◦C and PT = 700 ◦C-3 h.
Steel 2: 0.16 wt.-%C, QT = 320 ◦C and PT = 700 ◦C-3 h. The Q&T samples
after quenching were fully martensitic and were tempered at 700 ◦C for 3 h for
the both steels. The microstructure of the Q&P samples transformed partially from
austenite to α′ martensite during quenching to QT, and, during partitioning at
700 ◦C, austenite decomposed in ferrite+carbides while martensite was tempered.
Thus, although the authors described this heat treatment as Q&P, the target of the
proposed heat treatments did not focus on the partitioning of carbon from martensite
to the austenite but on the decomposition of the austenite. Creep rupture tests were
performed at 650 ◦C under a load of 150 MPa. The results showed that the applied
Q&P treatment enhances the creep rupture time for both steels for all prior austenite
grain sizes investigated although it was much greater for the lower carbon steel.
However, the creep rupture strain was only enhanced for the higher carbon content
grade and for the larger grain sizes. The authors concluded that the Q&P heat
treatment offers the possibility to improve the creep strength of an entire class of
high-temperature materials. However, it should be emphasized again that the heat
treatment presented cannot be catalogued as quenched and partitioning because the
objective of the partitioning step had nothing to do with the promotion of carbon
diffusion from martensite to the austenite with the aim of stabilizing austenite
at room temperature. However, the proposed heat treatments and microstructures
obtained are reported to improve the creep behaviour of the steels compared to
conventional Q&T which could be of interest for researchers in the field.

Altogether, the martensitic steels used in today’s power plants do exhibit more
or less serious disadvantages, and for this reason it seems hardly possible to achieve
further improvement in creep strength and oxidation resistance, necessary for a
highly efficient 650 ◦C steam power plant, on this technological base. A paradigm
shift in alloy development – away from improving creep resistance with steam
oxidation resistance as a secondary goal – towards combined improvement of
oxidation and creep resistance, therefore, seems mandatory.
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11.5 Industrial Applications

In this section, some industrial applications concerned with stainless steels will be
introduced. Because of the extension of the applications list, the focus will be placed
on the most popular applications and those recently reported in research journals.

11.5.1 Transportation

Stainless steels are widely used in industries like aerospace, automotive, shipbuild-
ing and railroad transportations.

In the automotive industry stainless steels, AISI 409, 439, 441 and 304 have
been used in parts of the exhaust system components (manifold, silencer, diesel
particle filter, catalytic converter). Other applications are brakes disks, shafts and
electric motors (420), clamps (441 or 430) and small-diameter shafts (416). In buses,
modified type 409 is used as a structural component, and types 430 and 304 are
used for exposed functional parts. AISI 409 has been also employed to manufacture
the core of fuels pumps taking advantage of their good behaviour to oxidation and
wet corrosion, good resistance to thermal fatigue and high-temperature strength
[389]. It has been suggested that ultrafine or nanocrystalline ASS developed by
severe cold-working and annealing would allow improving corrosion resistance and
crashworthiness, together with a potential weight reduction. The AISI 301 steel
highlights among the austenitic steels for their highest work-hardening rate and
could be a suitable candidate that could be implemented in the automotive industry
[226].

For tank trucks, type 304 has been the most frequently used stainless steel, and
type 316 and higher-alloyed grades have been used to carry corrosive chemicals.
Stainless steels are also used to fabricate chemical tankers in the shipping industry to
carry aggressive chemicals and hazardous or toxic materials. In many cases, duplex
stainless steels (grade 2205) have replaced the use of austenitic stainless steels (AISI
304, 316, 317) due to its better pitting and crevice corrosion resistance in chloride
containing media and better mechanical properties. Weight reduction of the carrier
up to 10 % in total can be also obtained replacing ASS by DSS [53, 390].

Some stainless steels are used for the body of railcars like grades AISI 410,
301 LN, 304 and 201 [391]. Its resistance to corrosion and low-cost maintenance
(does not have to be painted to protect it from the weather) are benefits, and its fire
resistance is also a significant safety advantage.

PHSS such as 13-8 PH, 15-5 PH and 17-4 PH, ASS like 304 and MSS like
AISI 403, 410, 440C and 610 are used in aircraft tubing, landing gear components,
engine structural parts, bearings, cooler sections of the engine or critical fasteners
throughout aircrafts [53, 305].
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11.5.2 Construction

Stainless steels have certain advantages for construction applications [392, 393];
however, there are still limited examples in construction because of the higher
price compared to carbon steels [394]. Nevertheless, their combination of corrosion
resistance, strength, ductility and formability allow making thinner and durable
structures. Nowadays, stainless steels are used in a very wide range of structural
and architectural elements; from small but intricate glazing castings to loadbearing
girders and arches in bridges and loading-sustaining structural components in
general. Most widely used stainless steels are ASS AISI 304 and 316, but DSS
are expanding due to their similar or superior corrosions resistance, higher strength
and lower nickel content, enabling a reduction in section sizes leading to lighter
and more cost-effective structures. However, their higher strength limits their
formability compared to ASS. Stainless steels are especially found in bridges where
they are usually chosen for its durability combined with high ductility and strength.
For example, DSS AISI 2205 has been used in the Millennium bridge footbridge
(York, UK), the Cala Galdana highway bridge on the island of Menorca, the Marina
Bay footbridge in Singapore and the Stonecutters bridge towers in Hong Kong. AISI
2304 has been used for the Padre Arrupe Bridge linking the Guggenheim Museum
to the University of Deusto in Bilbao and for the Celtic Gateway footbridge in
Holyhead, UK. AISI 2101 has been used for the Siena Bridge in Ruffolo and the
Likholefossen Bridge in Norway [392, 393]. In airports, railway and bus stations
and shopping centres, stainless steels have been used for roofs, railings, stairways,
escalators and barriers. Seatings in public areas, playground equipment and other
urban furniture are also increasingly being made from stainless steels. For example,
one of the most used stainless steel in the past has been the 304 stainless steel. It is
employed in urban environments for roofs and facades along with grade AISI 439.
In the case of marine environments, the steel used was the 316. However, in the
present the 316 is used in both environments [395].

Stainless steels are very much used as reinforcements in concrete structures.
However, corrosion protection by galvanizing provides just short-term protection
[396]. For this reason, novel research lines are developing coatings for stainless
steel reinforcements with epoxy resin [397] or using the electrodeposition of nickel
followed by galvanizing [398].

One of the last applications for the stainless steels is in sustainable buildings.
The desire for energy-conserving buildings is key in the schedule for the new
construction. Traditionally the improvement in the thermal insulation was carried
out by thicker external walls. This is a problem in modern commercial building,
where the target is to maximize the rental space. Stainless steel cladding systems
used with insulation systems, such as low-cost nanotechnology, can provide very
high levels of thermal insulation [399].
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11.5.3 Biomedical

Metallic materials often find applications as biomaterials in human body because as
compared to ceramics and polymers, they display superior tensile strength, fracture
toughness and fatigue behaviour. The most widely used metallic biomaterials are
stainless steels, Co-Cr alloys and Ti-alloys. Although Ti and Co-Cr alloys possess
certain properties which are superior compared to stainless steels (biocompatibility,
corrosion resistance, specific strength, wear resistance), these are used in large
quantities because they are inexpensive by a factor of one-tenth to one-fifth [400].

Stainless steels are used in numerous medical devices such as kidney dialysis
machines, hip joints, bone plates, screws and stents catheters [400]. The stainless
steel that is mostly used up to date is AISI 316L; for example, this ASS is still the
favoured one in the fabrication of stents [401, 402], and it can be used simultane-
ously as a structural support in the vessel and as an antenna for wireless telemetry
capable of monitoring any cardiovascular disease [403]. However, there has been
an increasing interest in producing biodegradable implants polymeric or metallic
(Mg- or Fe-based) that would make unnecessary their need to be corrosion-resistant
[402, 404]. AISI 316 is also employed for orthopaedic implants due to its good
mechanical properties, acceptable corrosion resistance and low cost compared to
other materials. Ultrafine-grained AISI 316 would also provide superior mechanical
properties, corrosion resistance without affecting the biocompatibility of coarse
counterparts [405, 406]. However, this austenitic steel contains a high content
of Ni, and this element produces several incompatibility problems like allergic
reaction with skin [407]. Furthermore, other problems have been associated with
the implant of 316L, for example, pitting corrosion and stress corrosion [408].
Nonmagnetic steels are necessary for magnetic resonance imaging, since magnetic
material influences the tomographic images of tissues.

Then, other austenitic steels as nitrogen-strengthened stainless steels and nickel-
free austenitic stainless steels are widely employed in the last years for surgical
implants [409, 410]. For example, novel Ni-free ASS for coronary stents seem to be
a potential replacement for AISI 316 [411]. Many researchers have studied the effect
of nitrogen on blood compatibility for these high-nitrogen nickel-free stainless
steels. These work indicated that different nitrogen content had an influence on
the surface energy value, which in turn influenced the haemocompatibility [411].
Other works have been focused on the study of cytocompatibility demonstrating that
increasing nitrogen content allows increasing the cytocompatibility [412]. One of
these low Ni and low N stainless steels, NAS 106N, is used as the implanted stainless
steels electrode for functional electrical stimulation. NAS 106N has excellent
fatigue strength, and a smaller amount of Ni is released in saline compared to AISI
316L [413].

Finally, a novel approach that makes use of new manufacturing techniques
consists in improving the surface finishing to enhance some mechanical properties
and creates the best environment for cell adhesion using additive manufacturing
techniques [414–416].
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11.5.4 Power Plants

Stainless steels are extensively used in the components of the power plants for
high-temperature applications. The stainless steels mostly used nowadays for power
plants can be divided in two main groups, ferritic steels and austenitic steels. In the
ferritic steels are included the high-chromium high-alloyed steels, such as 12 wt.-%
Cr martensitic steels and 12–18 wt.-% Cr ferritic steels of the AISI 400 series. In
the case of austenitic steels are included 18Cr-8Ni steels and 25Cr-20Ni steels of
the AISI 300 series, 21Cr-32Ni steels such as Alloy 800H and Cr–Mn steels of the
AISI 200 series [355].

Alloys 12Cr-MoV (Lapelloy), 12Cr-MoVNbW (AL419 and AISI 422) and
12Cr-MoVNb (H46, FV448) have been used for steam turbine blades. However,
they present some limitation of creep strength above 550 ◦C, which limits their
application in the ultra-supercritical (USC) power plants. In Japan, the 12Cr-
MoVNbWNB (TF2) was developed to increase this operation temperature.

For cases and valve bodies with steam temperatures of 600 ◦C and 630 ◦C, the
12Cr-MoVNbW (TOS 302) and 12Cr-MoVNbWCo (TOS 303) cast steels have been
proposed, respectively [417].

On the other hand, high-chromium martensitic steels such as 12Cr-MoNiV
(X12CrNiMo), 12Cr-MoV (X22CrMoV) and 11Cr-MoVNbN (X19CrMoVNb)
have been employed in Europe for bolts in steam turbines operating at temperatures
in the range over 450–565 ◦C. Other steels considered for bolting are 12Cr-MoNiV
(M152) and 12Cr-MoVNb-WCu (FV535); though in the USA the use of the steels
12Cr-MoVNb (H46) and 12Cr- MoVW (AISI 422) has been favoured. In Japan the
steel 12Cr-MoVNbW (TF3) is used [418].

Stainless steels also will play an important role in the future fusion reactors.
The 12Cr-W-Mn and 12Cr-V-Mn investigated in the future materials programmes
in the USA [419] appear to have good resistance to radiation damage, stable
microstructures and favourable combinations of strength and toughness.

11.5.5 Household Appliances and Miscellaneous Applications

Stainless steels are in these years a highly desirable and competitive material
for indoor and outdoor use. Nowadays, they are improving the appearance and
functionality and are widely used in our kitchens due to their hygienic properties,
which protect the food. The reduction in costs has extended the use of these steels
in a variety of products such as cutlery and tableware and, more recently, by ranges,
ovens, work surfaces and mixing appliances and has made these products more
accessible for low-end customers.

To cite some examples, the austenitic stainless steels AISI 304 and AISI 304 L are
employed in belt buckles, bottle openers, candle holders, hip flasks, key ring fobs,
money clips, torch bodies and casings for pens and pencils. Concerning, ferritic
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stainless steels the AISI 430 is used for kitchen cabinets and worktops, sinks and
drainers. A good overview can be found in reference [305].

Based on the good corrosion resistance, aesthetic appearance, ease of cleaning
and for their good properties to accept any pleasing finish, stainless steels have a big
impact in leisure products. Some of the typical applications are for golf clubs (17–4
PH), swimming pool filter grills, pipelines, water treatment and filter units (AISI
316 and AISI 316L) and computer discs (AISI 304 and AISI 304L).

11.6 Summary and Outlook

Since the discovery of the excellent corrosion resistance of chromium alloyed steels
at the end of the nineteenth century and the patent and commercial manufacturing of
the first stainless steels in the beginning of the twentieth century, these alloys have
made a significant contribution to the development of mankind already for more
than 100 years. In this regard, stainless steels have been sometimes defined as one of
the miracle materials discovered during the last century. This statement, which may
seem exaggerated, could be supported by their omnipresence of in our daily life.
They are used in a number of important industries and/or environments: healthcare
(including implants, surgical instruments, syringes), clean and renewable energy
(nuclear, biomass, wind, solar, hydroelectric), petrochemical, food/water process-
ing and storage (including desalination, water treatment), transport (automotive,
aerospace, railcar), construction (bridges, buildings) and household appliances and
utensils. All these applications are justified based on their interesting combination
of mechanical properties: corrosion/oxidation resistance and mechanical (wear,
strength, ductility, toughness), which can be easily tailored based on composition
and processing and which make them very durable (can last tens of years without
being replaced or repaired). Besides, they are hygienic (easy to keep clean and
disinfected, so it does not contaminate the products they touch) and 100 %
recyclable without loss of quality.

The annual production growth rate of stainless steels is currently 5.8 %, mainly
driven by the Chinese and other Asian economies. This production is mainly
focused on commercial grades, especially austenitic (~75 %), like AISI 304 or 316.
Nevertheless, there exist a great number of investigations published yearly on new
stainless steels, intended to meet the increasing and more severe industrial demands.
As it has been reviewed in this chapter, current or recent ventures concerning
stainless steels focus both on (i) finding alternative processing routes in existing
commercial stainless steels and on (ii) optimizing the chemistry of the alloy using
standard or new thermomechanical processing routes. Some try to improve the
mechanical properties of existing grades, trying not to degrade other properties,
by keeping the same chemistry (Q&P heat treatments and reversion heat treatments
of deformed microstructures); other, on improving the mechanical properties along
with the corrosion resistance (heat-resistant steels, alumina-forming steels) or
finding cheaper chemistries but with the same properties as the original alloys (Cr-
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Mn-N stainless steels to minimize/replace the use of Ni); or then those focused
on improving the mechanical properties via the modification of the chemistry and
processing route.

In summary, thanks to their singular combination of properties, stainless steels
have transformed our daily life. For some applications they are unrivalled. Stainless
steels arrived late to our society compared to other materials but are without doubt
essential nowadays, contributing critically to having a much higher quality of life.
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Chapter 12
Electrical Steels

Carlos Capdevila

Abbreviations and Symbols

Ac1 Temperature at which the austenite is fully transformed during continuous
cooling

Ac3 Temperature at which the austenite starts to decompose during continuous
cooling

AlN Aluminium nitride
B Magnetic induction
ECC Electron channelling contrast
FRT Finishing rolling temperature
GO Grain-oriented electrical steels
H Magnetic intensity
HiB High-permeability steel
HT Reheating temperature
ICR intermediate cold rolling
ND Normal direction
NGO Non-grain-oriented electrical steels
Ph hysteresis losses
Ptot Total loss
PVD Physical vapour deposition
RD Rolling direction
RT Roughing temperature
TD Transverse direction
TEP Thermoelectric power
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wh Energy per unit volume spent on describing the hysteresis cycle
μo Vacuum permeability
ρ Electrical resistivity
χ Magnetic susceptibility

12.1 Introduction

Electric steels are a special type of flat products characterized by a low carbon
content, less than 0.005 wt.%, and silicon contents between 0.3 and 4 wt.%.
Within the production of steels, they do not represent more than 1% worldwide
[27] but, despite this, it is one of the most important materials for electromagnetic
components, such as generators, electric motors or transformers, where heat or so-
called core loss is produced by eddy currents and hysteresis.

12.2 Development Chronology of Electrical Steels

Electrical steels belong to the group of so-called soft magnetic materials (soft
magnetic materials are considered those whose coercive field is less than 1 kA/m).
Amorphous or nanocrystalline materials, base alloys FeNi and FeCo, Ferrites, sin-
tered magnetic materials and composite materials are also placed in this same group
of materials. All these materials are used to conduct the magnetic flux and are char-
acterized by their ability to magnetize and demagnetize, and their low coercive field.

The application of electrical steels comprises machines and devices for the
generation and distribution of electricity, where the most important parameters are
power loss, permeability, orientation, insulation or stress and temperature sensitivity
of properties. It has been estimated than 5% of all electricity generated is dissipated
by heat or so-called core loss produced by eddy currents and hysteresis, and that the
annual energy loss produced in this way is 20 times the energy initially required
to produce electrical steels [159]. The importance of electrical steels is closely
related to the development of industrial equipment such as pumps, compressors,
air conditioning equipment, lighting, automation, transportation, electromagnetic
components for audio and video, etc. [27]. Table 12.1 lists the typical applications
of electrical steels [97].

The first transformers in the late nineteenth century were mainly manufactured
with wrought-iron cores. In the beginning of the twentieth century, the works
of Barret and Brown [161] highlighted the benefits of the addition of silicon to
iron. But it was not until the publication of the work of Hadfield and co-workers
on the production of 3 wt.% silicon steel in 1903 with a significant effect on
loss reduction, that the technology of electrical steels really began [35, 36]. The
addition of small amounts of silicon to the iron demonstrated to reduce the magnetic
losses significantly. Silicon allows, among others, to reduce the currents induced by
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Table 12.1 Typical applications of electrical steels [97]

Application Non grain-oriented steel Grain-Oriented steel

Silicon free Low silicon High silicon Conventional High permeability

Small motors

Lamp ballasts

Medium AC motors

Welding transformers

Audio transformers

Small power transformers

Large rotating machines

Medium generators

Distribution transformers

Power transformers

Fig. 12.1 Improvement in
total losses of Fe-Si steels.
(After Moses [98])
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increasing the resistivity, increase the magnetic permeability and reduce the harmful
effects of carbon, since it makes difficult the formation of carbides that impede the
movement of the magnetic domains. Figure 12.1 illustrates the evolution of core
losses at magnetic field of 1 T, 50 Hz, with time.

Beyond purely economic indicators, there are also environmental reasons for the
development and improvement of this type of material. Thus, the United Nations
Framework Convention on Climate Change, meeting in 1997 in Kyoto, establishes
the reduction in carbon dioxide emissions as an urgent process for the resolution
of environmental problems and the promotion of sustainable development. In
this framework, special attention must be paid to the improvement of magnetic
properties, since this leads to a decrease in energy consumption and, consequently,
to a reduction in energy consumption, and therefore, the carbon dioxide emissions.

Iron and iron-based alloys are the main soft magnetic materials used today.
Figure 12.2 shows the evolution of electrical steel in the twentieth century. The
improvement of the magnetic properties of these materials has been carried out,
mainly, through the elimination of the impurities in the material and the control of
the crystallographic orientation.

In the early times, the lamination was carried out through ‘manual’ laminators,
where the operators introduced the preheated steel sheets between the rolls of
the laminator initially driven by steam and then electrically. The lamination



570 C. Capdevila

Fig. 12.2 Historical development of core loss reduction in electrical steel. (After Xia et al. [162])

temperatures were between 800 and 1000 ◦C. The scale that emerged on the surface
was removed using of acid baths.

Development of cold rolling process in 1930 further reduced the thickness and
better magnetic properties could be achieved in electrical steels. The production
of long thin sheets allowed the possibility of eliminating one of the most harmful
impurities for electrical steels: carbon. It was necessary to obtain thin sheets so
that, when subjected to a decarburizing atmosphere, the carbon could diffuse to
the surface. In this way carbon is removed from the material to amounts less than
0.002 wt.%, where the magnetic ageing due to carbon no longer occurs. Cold rolling
allowed new developments of electrical steels since 1980 further on.

It was not until 1934 when Goss developed the idea from the work of Beck [3]
and Ruder [133] that iron has high-magnetic permeability in certain crystallographic
directions and planes. In this type of steel, the grains are oriented such that the
<100> direction is parallel to the direction of rolling and the (110) planes are
parallel to the surface of sheet. American company Armco and later Nippon Steel
developed a process that allowed to control the texture of the cold-rolled material
[128]. The process involved two-stage cold reduction and intermediate annealing,
followed by decarburization, batch annealing and flattening. Modern day production
of electrical steels still relies on this texture which is commonly known as Goss
texture and the steel is popularly called grain oriented (GO) steel. These steels have
superior magnetic properties in the direction of rolling and, thus, are applicable to
transformers where the magnetic flux always has the same direction.
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Nippon Steel produced a new type of high-permeability steel known as HiB
[150]. The manufacturing process was different from the Goss’s steel as only
one cold rolling reduction was applied, and using aluminium nitride (AlN) as the
primary inhibitor along with manganese sulphide (MnS) as the secondary. The angle
of orientation with the rolling direction was decreased from 7◦ to 3◦ but the grain
size increased from 0.3 mm to 1 cm.

Introduction of stress coatings facilitated further the reduction in power loss and
magnetostriction. When the coating of the sheets obtained was required to achieve
electrical insulation between stacked sheets, it was resorted to spraying an aqueous
suspension of kaolin on the surface thereof. The ever increasing demand to increase
efficiency led to new domain refining techniques, and Nippon Steel developed laser
scribing [60] where losses were found to be 0.85 W/Kg at 1.7 T for a thickness of
0.23 mm. These losses were 5–8% less than the unscratched HiB steel [97]. A recoat
on the damaged surface was necessary as the coating vaporized. Other methods have
also been employed to achieve the same where grooves were made on steel on which
the ceramic coating was deposited [59].

12.3 Brief Introduction to Magnetic Properties in Steels

Iron, together with nickel and cobalt, is one of the few ferromagnetic metals at
room temperature. This property, the ferromagnetism, is intimately linked to the
electronic structure of the metal. Smallman and Bhisop [147] presented a nice
review which describes the reasons for the theory of ferromagnetism even today
not being completely understood. Nevertheless, from the electron theory of metals,
it is possible to build up a broad picture of ferromagnetic materials which explain
not only their ferromagnetic properties but also the associated high resistivity
and electronic specific heat of those metals compared to copper. In recent years
considerable experimental work has been done on the electronic behaviour of
the transition elements, and this suggests that the electronic structure of iron is
somewhat different to that of cobalt and nickel.

Ferromagnetism, like paramagnetism, has its origin in the electron spin. In
ferromagnetic materials, however, permanent magnetism is obtained, and this
indicates that there is a tendency for electron spins to remain aligned in one
direction even when the field has been removed. Therefore, microscopically, the
ferromagnetic materials constitute of small magnets or saturated magnetic domains
within which the magnetic moments of the atoms are aligned in the same direction.
On a macroscopic scale this magnetization is not observable due to the random
orientation of the magnetic domains of the material. These magnetic domains are
known as Weiss domains and are separated from one another by the Bloch walls
[15]. In general, each of the crystals that form a polycrystalline material can have
its own domain structure, as shown in Fig. 12.3.

When a steel is subjected to an external magnetic field, part of the energy is
invested in magnetizing and another is lost by heat generation. The loss of energy
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Fig. 12.3 Domain structure in a polycrystal

Fig. 12.4 Magnetization
curve of commercial annealed
iron [15]
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related to this heat dissipation is known as total loss (Ptot) and is traditionally
separated into two terms: hysteresis losses (Ph) and dynamic losses (Pd) [15,
127, 131, 132, 134]. Hysteresis losses derive from the inherent mechanism of
magnetization of the material, while dynamic losses are caused by currents induced
in the material by applying a variable magnetic field.

The word hysteresis has its origin in the Greek ‘hysteros’, which means ‘delay’,
in reference to the phenomenon according to which the state of a material depends
on its previous history and is made evident by the delay of the effect on the cause
that produces it. Within the field of magnetism, hysteresis is manifested in the

relationship between magnetic induction
−→
B and magnetic intensity

−→
H . Consider

a sample of ferromagnetic material. If the magnetic intensity, initially zero, is

increased, then the relation
−→
B − −→

H will describe a curve similar to that in Fig.
12.4, which is the curve of the first magnetization of the material.
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Fig. 12.5 Schematic of the hysteresis cycle of a ferromagnetic material

The slope of this curve is called magnetic permeability of the material, μ, and
indicates the ease of magnetization of a material. The relationship between the

magnetization of the material
−→
M , the magnetic induction

−→
B and the magnetic

intensity
−→
H is given by

−→
B = μo

(−→
H + −→

M
)

= μ
−→
H (12.1)

where μo is the vacuum permeability and
−→
H = χ

−→
M where χ is the magnetic

susceptibility of the environment. If the field
−→
H is increased to produce the

saturation of the material (saturation magnetization
−→
M s) and then

−→
H is decreased,

the relation
−→
B − −→

H does not return down the same curve as in Fig. 12.4, but now
moves on the new curve of Fig. 12.5.

The magnetization
−→
M , (and consequently

−→
B ) once established, does not disap-

pear with the elimination of
−→
H ; in fact, an inverted magnetic intensity is required

to reduce the magnetization to zero. If
−→
H continues to increase in the opposite

direction then the magnetization will be established in the opposite direction.

Finally, when
−→
H increases again, the relationship

−→
B − −→

H follows the lower curve
until the cycle is completely closed. This curve is called the hysteresis cycle of the
material. In Fig. 12.5, Br stands for the so-called remnant magnetization and the
magnitude of Hc is the so-called coercive field. The area enclosed by the hysteresis
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curve (wh) represents the energy per unit volume spent on describing the hysteresis
cycle.

The discontinuous process of magnetization causes the hysteresis losses: the
small magnetic domains, separated by Bloch walls, have to grow by movement of
the domain walls and later rotate towards the direction of the applied field. In this
process, the interaction among the walls of the magnetic domains, the particles and
defects present in the steel occurs. Precisely it is the existence of these defects and
precipitates that causes that the magnetization is not a continuous process but takes
place in jumps each time the walls find an obstacle and overcome it. In this way,
hysteresis losses depend on metallurgical factors such as the presence of impurities,
grain boundaries, dislocations, precipitates, etc. Also, the texture of the material,
that is, the orientation of the grains in the material, influences the losses by hysteresis
because, as will be seen later, the magnetic anisotropy of the material leads to easier
magnetization in certain crystallographic directions.

Another important source of losses is caused by induced currents in the material
when exposed to variable magnetic fields. These currents, named as Foucault
currents, take the form of cycles or turns in the plane perpendicular to the magnetic
flux, in such a way that they create a magnetic field opposite to the inductor field.
The losses due to this phenomenon are proportional to the square of the frequency
of the applied field and the thickness of the material. Therefore, besides reducing the
frequency of work form the common 50 or 60 Hz, there are three other techniques
for decreasing this effect [4]:

• Decrease the steel sheet thickness, which reduces the extension of the induced
currents. This is a commonly used practice, and thus most of the magnetic loops
are formed by stacked plates.

Electrically isolate some plates from others, in order that the induced currents
do not propagate between them. This insulation is achieved in semi-finished
electrical steels by a final oxidation in the last annealing at high temperature, or in
finished products, by varnishing each of the sheets. In general, this last technique
is much more effective. There are already a great variety of coatings depending
on the needs to be covered. When choosing a coating, factors such as corrosion
resistance, weldability, heat resistance, compressive strength, roughness, etc. [75]
should be taken into account.

• Use elements that produce an increase in resistivity in the material, such as
silicon, phosphorus, aluminium and manganese, since the dissipated power is
proportional to the inverse of the resistivity.

Earlier in this section above, the total losses were described as the sum of the
losses by hysteresis and the losses by induced currents. The hysteresis losses are
proportional to the frequency of the applied field that is, to the frequency of the
current, whereas the losses by eddy currents are proportional to the square of the
frequency. Therefore, the total losses can be expressed as a function of the current
frequency, f, according to the relation:
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Ptot(f ) = Ph + Pd = whf + Kf 2 (12.2)

where K is a constant. It is to be expected, therefore, that Ptot(f ) varies linearly
with frequency and takes the value of wh at zero frequency. However, the curve
of Ptot(f ) versus f does not keep linearity at low frequencies. This discrepancy is
a consequence of differences between the eddy current losses. This difference is
named anomalous losses and is usually expressed by an anomaly factor (η) defined
as the ratio of the obtained to the expected losses.

12.4 Factors Affecting the Magnetic Properties of Electrical
Steels

As explained in the previous section, a controlled texture characterized by the
coincidence of the direction of easy magnetization in the plane of the sheet is one of
the factors that influence the magnetic properties of electrical steels. However, this
is not the only factor that affects the magnetic behaviour of the final product. Other
factors such as grain size and chemical composition exert a significant influence on
the magnetic properties of electrical steels.

12.4.1 Influence of Texture and Grain Size

The optimum properties, in addition to optimizing the composition of the material
as well as the distribution of precipitates, are achieved by large grain size and
controlled texture. The desirable texture for an easy magnetization consists on
the crystallographic direction [100] in the rolling plane, and more specifically for
the non-grain-oriented (NGO) steels, the plane (001) parallel to the rolling plane.
Regarding the final grain size, numerous studies that correlate coarse grain with
good magnetic properties [14, 19, 23, 37, 40, 42, 46, 49, 55, 65, 80, 85, 87, 94, 113,
114, 118, 122, 125, 135, 136, 142, 167]. This is because an increase in the ferrite
grain size leads to an increase in the size of the magnetic domains. A smaller number
of magnetic domains lead to a lower number of domain walls to be moved during
the magnetization processes. This in turn causes a decrease in magnetic losses [99,
101]. On the other hand, if the magnetic domains are too large, the domain walls
have to move more quickly during the magnetization processes. This results in
an increase in losses when the ferritic grains are greater than 120–130 μm [142].
Besides, the losses by induced currents also increase with coarse grains, since the
induced currents find less difficulties (grain limits) to propagate [100]. Therefore, as
the total losses result from the sum of Ph and Pd, these are minimized for an ideal
grain size [90].
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12.4.2 Influence of Alloying Elements

The importance of the role played by the alloying elements in the soft magnetic
materials is an evident fact since a pure substance rarely meets the requirements
necessary for its application in a magnetic device [103, 109, 121]. The reason is
that the pure material does not simply possess all the necessary properties, whether
magnetic or non-magnetic, for its application in electric motors, transformers,
generators, etc. [12, 120]. One of the most significant examples is iron itself: it
has attractive magnetic properties (saturation magnetization, relative permeability,
coercive field [12]); however, its electrical resistivity is not high enough to keep
the losses due to induced currents low, and its resistance to corrosion is very poor.
That is why it is alloyed with elements such as silicon, aluminium, manganese
and phosphorus to increase the resistivity and improve the magnetic properties
and permeability. On the other hand, impurities such as carbon, nitrogen, sulphur
and oxygen form various inclusions, such as carbides and/or nitrides, sulphides or
oxides, that impede the movement of the magnetic domains during magnetization
and are considered to be detrimental to the magnetic properties [143].

Among the alloying elements that are added to the iron to improve its perfor-
mance in magnetic devices, silicon is the mostly used one and its use is so much
that the electrical steels are, on numerous occasions, called simply Fe-Si alloys.
The addition of silicon not only improves the magnetic properties but also other
properties that make it especially attractive for application in magnetic devices. The
main advantages are the following [12, 90]:

• Decrease of the coercive field. For instance, the addition of 2–2.5 wt.% of silicon
decreases the coercive field by a half with respect to that of pure iron and,
consequently, the losses by hysteresis are also reduced.

• Increase of the electrical resistivity (ρ). This effect is even more important than
the effect on the magnetic properties. For a silicon content of 6 wt. %, the
resistivity at room temperature linearly increases to ~8 × 10–7 � m from 1 × 10–
7 � m for a pure iron. The losses by induced currents are proportionally reduced
by following the relation Pd ~ 1/ρ.

Silicon is an element of the so-called alphagens, and therefore it favours the
formation of ferrite, α, in detriment to austenite, γ. Moreover, as indicated by the
Fe-Si phase diagram of Fig. 12.6, silicon content greater than 2.5 wt.% results in
the suppression of the α → γ phase transformation. This allows achieving higher
temperatures during annealing without the formation of austenite. The presence of
austenite in the microstructure during the annealing would lead to a refinement of
the microstructure and, thus, to a deterioration of the magnetic properties [71–73].

• Improvement of mechanical resistance. The elastic limit reaches values of
5.1 × 108 N m−2 for a content of 4.5% of silicon in mass compared to
1.8 × 108 N m−2 for pure iron.

• Decrease in density by 0.813% per wt.% of silicon added, which implies a
decrease in the weight of the devices.
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Fig. 12.6 Fe-Si phase diagram. (After ThermoCalc
®

)

However, the addition of silicon also carries with it some disadvantages:

• Curie temperature decrease. It is the temperature from which the material stops
being ferromagnetic, as shown in Fig. 12.6.

• Increase in brittleness. This fact limits the manufacturing of electrical steels
by rolling to silicon contents below 6.5 wt.%. This embrittlement is due to
ordering processes (ordered to disordered phase transition). This is particularly
unfortunate since Fe-Si alloys with a silicon content of 6.5 wt.% presents almost
a negligible magnetostriction1 in the [100] direction.

In spite of these drawbacks, and due to the potentially good characteristics of a
material with a high-silicon content, numerous studies seek to optimize processing
with high-silicon contents. Some researchers have employed surface diffusion
techniques, either by chemical vapour deposition [154], or by immersion in Si-rich
baths and annealing at high temperatures (1000–1250 ◦C) to allow the diffusion
of Si into the material [129–132, 156]. Studies of rolling schemes have also been
carried out to obtain sheets with a high-silicon content [64, 129, 130, 132].

Aluminium, like silicon, is incorporated into electrical steels to increase the
resistivity and, thus, decrease the induced currents. This element is also added to
combine with the nitrogen to promote the formation of aluminium nitride (AlN). In
this way, the nitrogen is ‘trapped’ in the precipitates and no free nitrogen remains

1Magnetostriction is a property of magnetic materials by which a change of shape occurs in the
presence of a magnetic field. This causes a vibration at the frequency of the fluctuations of the field
and, as a consequence, vibrations in electrical machines such as motors and transformers.
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in solid solution. The presence of these precipitates hinders the movement of the
domain walls in the processes of magnetization and/or demagnetization. According
to this, the aluminium content must be greater than the stoichiometric value required
for the precipitation of all nitrogen. In this way the nitrogen of the solid solution is
eliminated and aluminium remains which allows to increase the resistivity of the
material. This phenomenon is known as magnetic ageing [88].

However, the formation of these aluminium nitrides also has some disadvantages.
During the hot rolling processing, the deformation-induced precipitation would lead
to a pinning of grain size in the hot band. This, consequently, could lead to a grain
refinement before cold rolling and thus to a deterioration of the magnetic properties
[11, 53, 142]. The aluminium content must be, therefore, high enough to produce the
formation of coarse precipitates that do not impede grain growth [11, 86]. Nakayama
and Honju [104] established limits for the content of aluminium in an electric steel
with 0.3 wt.% of silicon so that if the content of AlN is less than 0.0024 wt.% the
magnetic losses are not affected. If the AlN content is greater than 0.0024 wt.%,
and the aluminium content is less than 0.1 wt.%, the losses are greater due to grain
refinement by the pinning effect of AlN small precipitates. On the other hand, if
the amount of AlN is greater than 0.0024 wt.% and aluminium content greater than
0.1 wt.%, coarse AlN precipitates (average diameter greater than 1 μm) are formed
and no deterioration of the magnetic properties is observed. Hou et al. [49, 53]
investigated the effect of aluminium content on non-grain-oriented electrical steels
and concluded that magnetic losses are reduced by increasing the aluminium content
in the range of 0.022–0.32 wt.% due to the thickening of the precipitates. Besides,
the formation of these precipitates can have an effect on the texture, promoting the
formation of [111]-type textures and is therefore frequently used in deep-drawing
steels [57, 93, 160]. On the contrary, this texture is highly detrimental from the
point of view of the magnetic properties and hence coarse precipitate or specific
thermomechanical treatments are promoted to prevent its formation [84].

Along with aluminium and silicon, phosphorus is another element that is usually
added to electric steels to increase the value of resistivity and thereby reduce the
losses due to induced currents [84]. Phosphorus is, of the whole chemistry of
steels, the one with biggest influence on increasing resistivity. However, phosphorus
contents greater than 0.14 wt.% can induce cracks in the plates during rolling.
There are some work that also indicate a detrimental effect of phosphorus due to
the increase of the losses through the decrease in the recrystallized grain size [121].
Park et al. [121] point to another possible harmful effect of phosphorus by favouring
the [111]-texture. This fact was also observed by Hou [54], although in subsequent
work by the same author the opposite effect was obtained [51].

The incorporation of manganese to the electric steels improves the magnetic
properties through the increase of the resistivity and the improvement of the texture
[83]. However, it can affect the grain size due to the formation of inclusions such as
manganese sulphides (MnS) that pin the grain growth during annealing. Therefore,
manganese contents of about >0.3 wt.% are required to avoid as much as possible
the formation of fine particles of MnS that can pin the grain coarsening [74, 105]. It
has also been observed that if the contents of Mn are too high, a deterioration of the
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magnetic properties could be produced through the refinement of the grain size by
precipitation of inclusions such as MnSiN2 [166].

In addition to the elements mentioned above, there are numerous studies about
the influence of other elements on the properties of electrical steels. Among them,
perhaps, antimony and tin are the two that have received the most attention. Their
interest lies in the fact that the segregation of these elements at the grain boundaries
induces the nucleation of grains with certain orientations which, in the end, has an
impact on the obtaining of a favourable texture from the magnetic properties point
of view [30].

There are also studies on the influence of titanium, vanadium and niobium [50,
106, 107]. The main role of those elements consists of carbon removal from solid
solution by means of the corresponding carbide/nitride precipitation during hot
rolling stage of steel manufacturing route. Therefore, the removal of carbon from
solid solution would avoid problems of magnetic ageing during the service of the
material. However, the presence of these precipitates delays the recrystallization and
grain growth of the cold-rolled sheets, and therefore, smaller grain size is obtained.
In addition, it favours the development of textures with the direction [111] parallel
to the rolling direction during continuous annealing after cold rolling. All these lead
to the degradation of the magnetic properties of the steel.

12.4.3 Influence of Impurity Elements

The presence of impurities such as carbon, nitrogen, sulphur or oxygen induces
the formation of small particles (of the order of tens or hundreds of nanometres)
detrimental from the point of view of the magnetic properties. Their effects can
be observed at two different times. These particles can form, on the one hand,
during thermomechanical processing and inhibit the grain growth obtaining a finer
microstructure and, as a result, higher magnetic losses. In addition, precipitation
during the restoration process – recrystallization of the material can give rise to
textures of [111]-type which are very detrimental to the magnetic properties of
steel [57]. On the other hand, the heating of the magnetic device itself during
service, induces the precipitation of particles by magnetic ageing. This hinders the
movement of the magnetic domains during the processes of magnetization with the
consequent increase of the magnetic losses [92].

In general, a steel with a low carbon content (less than 0.005 wt.%) allows to
reduce the addition of alloying elements keeping an acceptable level of magnetic
properties (Table 12.2). In addition, low carbon contents simplify the thermome-
chanical processing as they avoid the final decarburization annealing stage. At the
same time, the effect of magnetic ageing by precipitation of carbides is reduced.
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Table 12.2 Magnetic
properties of several grades of
semi-finished electrical steels
[83]

Steel Losses (W/kg)

Ultra-low carbon Fe-Si (Al + Si ~ 1.3 wt.%) 5.2
M-45 low carbon (Al + Si ~ 1.85 wt.%) 6.2
M-43 low carbon (Al + Si ~ 2.35 wt.%) 5.1

12.4.4 Influence of Thermomechanical Processing
on Electrical Steels

From the analysis carried out so far, it can be deduced that different thermome-
chanical processes give rise to different types of electrical steels [6, 21, 44, 86,
102, 111, 144, 155]. Traditionally, during steel processing, a final annealing of
decarburization was carried out to decrease the carbon content below 0.005 wt.%
and obtain a coarse-grained microstructure. In this way it was possible to improve
the magnetic properties of semi-finished Fe-Si alloys [48].

Currently, the development of steel production technology has allowed, through
the installation of so-called Ruhrstahl-Heraeus vacuum degasifiers that the carbon
can be removed from the molten steel so that the process of decarburization is no
longer necessary [48, 52, 148]. In addition, the development of continuous annealing
equipment during the last decades has led to increase the annealing temperatures, to
reduce the annealing time to a few minutes and to improve the surface characteristics
of the cold-rolled steels. Therefore, it is possible to manufacture a NGO electrical
steels nowadays from hot rolled with or without subsequent annealing, cold rolling,
continuous annealing and a continuous coating line (surface oxidation, organic,
inorganic or mixed). As a consequence, there are so many parameters during
processing to optimize in order to achieve the best ever NGO electrical steel. This is
the reason there are numerous studies driven to optimize each of these parts of the
thermomechanical processing, i.e. to obtain the best possible properties in the final
product [27, 48, 85, 151].

12.4.5 Influence of the Microstructure Before the Cold Rolling

The process of hot rolling and annealing determines the microstructure of the steel
before cold rolling. Such is the importance of this process that some authors affirm
that, simply with an adequate hot rolling and annealing scheme, it is possible to
obtain suitable microstructures for magnetic devices from steels whose composition
was originally intended for deep drawing [86]. In order to achieve good magnetic
properties, a large grain size is sought before cold rolling, whereby the density
of recrystallized nuclei at the grain is limited during the subsequent annealing
decreases. It is convenient to minimize the nucleation in these zones since it is
precisely there where the nucleation of grains predominates with the direction [111]
parallel to the direction of rolling, very unfavourable from the point of view of
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the magnetic properties. On the other hand, the hot or cold rolling of a coarse
grain microstructure causes a non-uniform distribution of the deformation through
the microstructure, which leads to the formation of deformation bands where the
nucleation of Goss and Cube grains takes place.

In order to obtain the largest possible grain size after hot rolling, the highest
possible annealing temperatures that promote recrystallization and grain growth
are sought [10, 21, 86, 167]. Moreover, a high temperature causes the coarsening
of particles such as manganese sulphides and aluminium nitrides reducing or
eliminating their effect as refiners of the microstructure by grain pinning [48].
In fact, the temperature drop after the hot rolling can be in such a way that the
microstructure does not recrystallize and, in this case, a subsequent annealing can
be chosen to control the recrystallization process in a better way. However, the
temperature of this annealing should not be so high that it promotes the formation
of austenite in place of ferrite, since this would entail the refinement of the
microstructure [20, 21]. Some studies also point out that a large grain together with a
texture with the [111] direction parallel to the transverse to the rolling direction, and
particularly, with abundant (111) [112] component, favour the formation of Cube-
oriented grain nuclei during annealing after cold rolling [17, 116, 120].

Figure 12.7 shows some of the rolling schemes used. In general, it is preferred
that most of the rolling stages take place in the α + γ biphase field for low-silicon
steels while, for higher silicon contents, a ‘mixed’ rolling is preferred.

Regarding the final rolling temperature, there does not seem to be a clear
consensus. While some authors advocate a decrease in this temperature to achieve
a larger ferritic grain size during annealing [142, 167], there are studies that reveal
the opposite effect provided that the finishing rolling temperature is in the ferritic
field [10].

Fig. 12.7 Hot rolling schemes for electrical steels
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12.4.6 Influence of Cold Rolling and Final Annealing

The amount of cold rolling is subject to the need to obtain a steel sheet with a
certain thickness which, in the case of electrical steels, is between 0.35 mm and
1 mm. Thus, when cutting hot-rolled sheets of 2–3 mm thickness, the reduction of
this parameter during cold rolling is between 50% and 85% [27]. In principle, even
greater reductions could be beneficial, not only because a smaller thickness would
reduce the dynamic losses, as was seen in Sect. 2.3, but also for the obtaining of
more favourable textures [12, 27]. However, high reductions can lead to a smaller
recrystallized grain size and thus to the increase of hysteresis losses [54].

In general, the deformation texture must be such that it contains a strong
component [111] parallel to the normal lamination, ND, and, particularly, the
component (111) [112], to favour the formation of the texture with [001] parallel to
the direction of rolling during recrystallization [17]. This is because the nucleation
of this type of grains takes place in the bands of deformation of the grains with [111]
parallel to the normal to the rolling direction and especially of the component (111)
[112] [58, 120, 155].

12.4.7 Influence of Temper Rolling

Salinas-Beltran and co-workers [141] reported recently the effect that tensile
deformation, similar to that experienced in temper rolling, and annealing conditions
have on the microstructure and magnetic properties of NGO electrical steel. The
authors found that the final recrystallized grain size is inversely proportional to the
deformation level imposed before the annealing, i.e. the higher the deformation,
the smaller is the resulting grain size. Besides, the authors demonstrated that if the
annealing is performed at temperatures below cementite precipitation temperature,
the texture measured is of 〈011〉//RD, 〈001〉//ND and 〈111〉//ND type. In contrast,
higher annealing temperatures (Ae1 < T < Ae3) promotes the development of [332][
113

]
and [110][001] texture components. Since the magnetic properties depend on

the grain size, secondary phases and crystallographic texture, the most beneficial
textures are obtained when the materials are annealed at T < Ae1; however, the
secondary phases precipitating at this temperature are detrimental to magnetic
properties. All these studies concluded that energy losses in annealed samples
are higher for higher levels of deformation, which indicates that grain size is the
main microstructural parameter that affects the magnetic behaviour of annealed
samples. The lowest energy losses are obtained when the material is strained to
8% engineering strain.
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12.5 Grain-Oriented (GO) Electrical Steels

The GO electrical steels are obtained from a complex thermomechanical processing
(Fig. 12.8) and give excellent results in terms of permeability and electrical
consumption in certain conditions (unidirectional magnetic field, such as in an
electrical transformer). The hot-rolled strip is side trimming and pickled to remove
surface oxides. Then, it is cold rolled to about 0.6 mm thickness from the initial hot
band thickness of 2–2.5 mm. The material is given a decarburizing anneal down to
less than 0.003 wt.% in carbon followed by coating with a thin layer of magnesium
oxide that will react with the steel surface during the next recrystallization anneal
at 1200 ◦C to form a thin magnesium silicate layer called forsterite layer. Finally,
the material is given a flattening anneal, when the excess of magnesium oxide is
removed.

In his seminal paper, Moses [97] described how the GO electrical steels were
developed for the first time. As a summary, it might be said that Goss [32] was
able to develop a grain texture in silicon-iron sheet, by means of cold rolling and
annealing, that enhanced magnetic properties when magnetized along its rolling

Fig. 12.8 Scheme of GO electrical steel processing according to Cogent Power. (https://cogent-
power.com/)

https://cogent-power.com/
https://cogent-power.com/
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Fig. 12.9 (a) Crystallographic orientation according to Goss and Cube textures in a polycrys-
talline steel sheet; (b) magnetic anisotropy of iron. Magnetization curves for a monocrystal. (After
Ros-Yañez et al. [132])

direction. Goss managed to produce a texture with a high proportion of grains
having [001] directions close to the rolling direction and (110) planes close to the
sheet plane. Armco, in the USA, commercialized the process and the first strip was
produced in 1939. It was 0.32 mm thick, with a loss around 1.5 W/kg, at 1.5 T,
50 Hz.

The particularity of these materials lies in that they are formed by coarse grains
oriented in such a way that their crystallographic planes (110) remain parallel to
the rolling plane with the direction [100] parallel to this same direction. This is
known as Goss texture (Fig. 12.9a). In iron, this direction [100] is the direction
of easy magnetization, which explains why a grain-oriented electrical steel plate
magnetized in the direction of rolling is characterized by a strong permeability and a
weak coercive field. Hence the interest of obtaining the address [100] in the direction
of the exciter field.

Figure 12.9b shows the magnetic anisotropy of iron. In the lower part of the
figure, the unit cell of the iron α or ferrite is shown, indicating the crystallographic
directions [100], [110] and [111]; in the upper part of that same figure, the relation
between the applied magnetic field �H and the magnetic induction �B is shown
when applying �H in each of those three directions. It can be observed that the
simplest way to saturate the material is by applying the magnetic field in the
direction [100], that is, in that direction the magnetic field necessary to saturate the
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material is weaker than in the other two directions. Figure 12.9a shows two of the
orientations, Goss and Cube, which, because they have the direction [100] parallel
to the rolling direction, are desirable from the point of view of magnetic properties.

In the early stages of development of electrical steels, the mechanism of forma-
tion of the Goss texture was not understood until the work of May and Turnbull
[91]. They reported that it is necessary the presence of dispersed precipitates for
the formation of the key-microstructure of GO electrical steels. They suggested a
function whereby the precipitates inhibit normal grain growth and thus maintain the
driving force for secondary recrystallization. In the early GO electrical steel grades,
those particles were the small MnS particles formed during the hot rolling stage that
are precipitated as the steel cools and, meanwhile at the same time, some crystals
with the Goss texture are formed along with many other orientations. After the cold
rolling, nuclei with the Goss texture recrystallize during the decarburization anneal
and grow during the high-temperature anneal when the MnS retards the growth of
other grains (secondary recrystallization process). All grains formed in such way do
not have the ideal Goss orientation, but most are within 6◦ of the ideal [100] (110);
this is the best that can be achieved with MnS as a grain growth inhibitor [91].

Since then, many have carried out research to find out the role of different
impurities on the development of microstructure in electrical steels. Hayakawa [39]
reported an historical overview on this matter which is summarized in Fig. 12.10.
Hayakawa [39] detailed the work of Saito [139, 140] and his extensive investigation
of the effects of solute such as Pb, Sb, Nb, Ag, Te, Se and S to boost the magnetic
properties by promoting a higher accumulation of orientations towards the Goss
orientation in the secondary recrystallization texture.

Grenoble and Fiedler [34] showed that sulphur and nitrogen, when present
together as solutes, enable secondary recrystallization to occur. Grenoble [33] also
reported secondary recrystallization with a combination of solute S, N and B. Use
of a combination of inhibitors and solute elements contributed to the stability of
secondary recrystallization and improved magnetic properties.

This research allowed the development of a revolutionary new electrical steel
by Nippon Steel Corporation in 1965: high-permeability grain-oriented silicon iron
(HiB). The production route of this new steel grade was simplified by the addition
of around 0.025 wt.% aluminium that led to the precipitation of aluminium nitride
to act as grain growth inhibitor. The final product not only had a better orientation
than conventional steel but also a coarser grain size which, at flux densities of 1.7 T
and higher, had permeability three times higher than that of the best conventional
steel. Besides, the stress sensitivity of loss and magnetostriction were lower because
of the improved orientation and the presence of a high tensile stress introduced by a
so-called stress coating. The stress coating technology was an important milestone
in the manufacturing of electrical steels, and it will be described separately in this
chapter. The stress coating helps to reduce eddy current loss which is high in coarse-
grained electrical steels, and moreover, this coating leads to a further decrease of
losses by a reduction in hysteresis loss.

Nowadays, considerable amounts of the GO electrical steels produced worldwide
are high-permeability steels with stress coatings consisting mainly of colloidal
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Fig. 12.10 Effect of impurity content on amplitudes of magnetic torque of 3.25 wt% Si-steel strip
annealed at 1100 ◦C. (Reproduced with permission from Saito [140] © 1963 The Japan Institute
of Metals and Materials)

silica with low thermal expansion and amorphous structure. The application of this
coating at the last stage of the steel production process has an indirect beneficial
effect refining the main domain widths in high-permeability steels [137]. However,
this effect is greatest in materials whose grains are mainly within 2◦ of the ideal
Goss texture [149]. The conventional forsterite layer itself induces the domain wall
pinning [95, 145] which produces a loss increase, and the stress coating must cancel
this deterioration before it starts improving the properties. The major improvement
in this issue found inspiration from the early work with GO electrical steels where
the losses can be reduced (by over 40% [61, 68]) cutting fine grooves into the
surface. This phenomenon is even more pronounced in high-permeability, large-
grained material [157] because of, as shown by domain studies, the beneficial effect
of internal stresses generated during the scratching [16]. Therefore, the application
of a continuous laser beam direct to the forsterite layer was found to decrease the
overall losses [67, 126].

The main efforts, at present aimed at mass production of even better silicon
steels, seem to be devoted to improving the secondary recrystallization technique
and to combining it with very highly oriented thin gauge material with better domain
refinement [28, 29, 82, 117]. This needs to be combined with increasing the steel
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resistivity, without the addition of more substitutional elements and also improving
the steel/coating interface to optimize the built-in tension in the steel.

12.5.1 Case Study: Innovative Processing for Improved
Electrical Steel Properties

Texture control is the core technology of production of GO electrical steels. Xia
et al. reported recently a nice review of developments of GO electrical steels and
the mechanism of secondary recrystallization on grain-oriented electrical steels to
improve its magnetic properties [162]. However, the work carried out by Houbaert
and co-workers [129–132, 156] established a novel strategy to decrease the total
losses in the GO electrical steel taking advantage of the improvement in magnetic
properties and permeability by the addition of silicon and aluminium. This section
tries to summarize this strategy.

As it was mentioned above, the addition of Si and/or Al increases the electrical
resistivity, which reduces the eddy current losses. Besides, the higher the value of Si
and/or Al, the lower the values of the magnetostriction and of the magnetocrystalline
anisotropy. Therefore, there has been a lot of interest, recently, in trying to produce
steels with an increased concentration of Si and/or Al to values above 3 wt %.
However, it is difficult to achieve due to the cracking of the steel during cold rolling
because of brittle Fe-Si ordered phases DO3 or B2.

Okada et al. [110] reported that it is possible to enrich conventional steel
(Si < 3.2 wt %) up to 6.5 wt % Si using silicon from an applied coating by
means of chemical vapour deposition (CVD) followed by diffusion annealing. Other
alternatives were studied by He et al. [43] who used physical vapour deposition
(PVD).

Verbeken et al. [156] described a novel processing first reported by Ros-Yañez
et al. [129] based on an increase of Si and/or Al obtained by surface deposition
by a short hot dipping in a molten hypo- or hypereutectic Al-Si bath carried out
in an equipment originally designed for hot-dip galvanizing, i.e. a Rhesca® hot-
dip simulator [132], followed by a diffusion annealing. The authors described the
growth of an ordered phase Fe3Si (DO3) in contact with the Fe-Si substrate, and
concluded that diffusion reaction is the controlling mechanism for the intermetallic
compounds. Therefore, the most deformed structures reacted faster because of
the faster diffusion through high-diffusivity paths such as grain boundaries and
dislocations. Figure 12.11 shows the composition profiles through the coating and
the electrical steel substrate.

Using these basics, ThyssenKrupp patented a procedure which is applied to fully
processed electrical steels as well as hot rolled, especially with low thickness, or
cold rolled steel qualities used as substrates [26]. Cold rolling of electrical steel
qualities thinner than 0.35 mm, after dipping and before the annealing treatment to
get the desired final thickness, appears to be an interesting variant in the production
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Fig. 12.11 Composition profile across the coating thickness on a Fe substrate with 3.7 wt % Si,
hot dipped for 100 s and fast cooled with a N2 flow. (After Verbeken et al. [156])

Fig. 12.12 Overview of the complete experimental scheme, including industrial processing,
followed by the processing with intermediate cold rolling (ICR). (After Verbeken et al. [156])

route defined as intermediate cold rolling (ICR). Figure 12.12 gives a schematic
overview of the ICR processing route.

12.6 Non-grain-Oriented (NGO) Electrical Steels

The NGO electrical steels are used for electrical machines that involve some type of
rotation, such as motors or generators, and in which the magnetic flux does not
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follow a certain direction but normally rotates. That is why the type of texture
desired in these cases is different from that required in GO electrical steels. When
the rotation of the magnetic flux takes place in the plane of the steel sheet, it is
necessary to obtain the direction [100] parallel to the plane of the sheet but this
time with a greater anisotropy than in the case of grain-oriented electrical steels.
Therefore, those textures with the plane (001) parallel to the direction of rolling,
such as the texture known as Cube, [100] (001), are desired in this type of materials.

The NGO electrical steels are obtained by simpler thermomechanical process-
ing than grain-oriented steels. Fully processed strip must be decarburized and
continuously annealed to minimize residual stress and to obtain good shape and
microstructure. Decarburization is carried out by annealing in moist hydrogen,
and the goal of annealing is to replace the fine recrystallized grain structure by
a large grain structure, which helps to give high permeability and low hysteresis
loss [97]. These steels have undergone a gradual but unspectacular development
since Hadfield’s seminal work [1, 2, 27, 35, 36, 48]. By progressive elimination of
impurities, losses at 1.5 T, 50 Hz, have been cut from around 7 W/kg in the early
times to less than 2 W/kg in the best grades today.

The NGO electrical steels can be classified into two categories:

• Semi-finished: This type of NGO steels undergoes a continuous annealing after
the cold rolling, followed by a weak deformation in the cold rolling stand,
and finally an annealing of decarburization and grain growth [79, 89]. Semi-
processed strip is sometimes provided in a partly decarburized state, because then
the material has the required degree of hardness, shape and surface conditions to
ensure good dimensional stability [90]. The term ‘semi-finished’ derives from
the fact that, in general, the material is supplied to the customer after the first
annealing, and this gives the final cold rolling and decarburizing anneal at
between 800 and 840 ◦C (depending on the composition) needed to optimize
the magnetic properties. It is very important to produce uniform stress relaxation
needed to prevent rolling distortion. Also, the decarburizing atmosphere must be
in contact with both surfaces of all strips to ensure adequate removal of carbon.

• Finished products, that is, hot rolled to a thickness of 2–3 mm and then cold
rolled to thicknesses of 0.35 mm, 0.50 mm and 0.65 mm. The processing ends
with a final annealing at high temperature.

In accordance with this, the scheme of the complete thermomechanical treatment
on the study material is represented in Fig. 12.13, and it is possible to divide it into
two well-differentiated parts: hot rolling and cold rolling.

The NGO electrical steels are almost invariably covered with a thin insulating
layer, towards the end of the production process. Important coating properties
are, among other properties, electrical insulation, corrosion resistance, temperature
stability and hardness. The coating may just be a thin oxide film, formed by
the introduction of air at the end of the annealing cycle, or it may be a com-
plex organic/inorganic layer especially chosen for good insulation, punchability,
weldability, etc. More details on coating of electrical steels will be described in
subsequent section further in this chapter.
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Fig. 12.13 Processing
scheme of NGO electrical
steels
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The niche of NGO electrical steels is fitted between the low-grade cold-rolled
steels or expensive high-silicon steels. These steels have been developing following
a twofold strategy: on one hand, towards low cost for use in cheap devices and,
on the other hand, towards high-magnetic efficiency for use in applications where
increased material cost was offset by higher efficiency. Now, low-silicon alloys,
without much silicon (or aluminium) to increase their resistivity and hence reduce
eddy current losses, are produced with improved steelmaking processes, so that a
large decrease in hysteresis loss more than compensates for the lower resistivity.

Basically, the goal of modern production of NGO electrical steels is seeking for
higher permeability and lower losses, in what is essentially a cheap product with
good mechanical strength [13, 27, 151]. As reported by Moses [97], the loss in NGO
electrical steels is mainly dominated by hysteresis loss, which is around 60–70% of
the total loss in the best grades. This has been reduced by minimizing impurities [9,
69, 70, 84, 96, 104–106, 168] and can be further reduced by optimizing the grain
size [20, 27, 41, 56, 63, 119, 146]. Coarse grains (equiaxed grains of about 1 mm in
average diameter) experience a significant drop of the losses, but, in the counterpart,
anomalous eddy current loss predominates and the total losses increase [47]. To
reduce the eddy current component of loss, high-silicon or aluminium content is
needed [38, 104, 105], although manganese also shows potential for development
[76–78]. However, in general, the higher the resistivity becomes, the lower will be
the permeability because additions reduce the saturation magnetization. Although
silicon can reduce the coercive force (and resistivity as stated earlier), present
trends are mainly to aim for lower additives but cleaner steels, to keep induction
high and losses low [84]. Therefore, the desired direction for future development
of NGO electrical steels is the implementation of low-loss and high-permeability
electrical steel for motor materials. The development trend for higher permeability
at lower cost is obviously a requirement which can be achieved by pursuing low
alloy material with low impurities, to reduce the high hysteresis loss.
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12.6.1 Case Study: Control of Texture and Grain Size in Two
NGO Electrical Steel Qualities

This section is devoted to illustrate the microstructural optimization in two NGO
electrical steel qualities (Table 12.3) with the same processing history. In this sense,
the processing route is schematically illustrated in Fig. 12.14. As mentioned above,
there are two stages in the processing route, i.e. hot rolling and reheating, and
a second stage formed by cold rolling and annealing. The key temperatures are
summarized in Table 12.4.

In order to promote the recrystallization of the hot-rolled microstructure after hot
rolling, rapid reheating cycles were performed at temperatures indicated in Table
12.4. The benefits of obtaining a big grain size before cold rolling in this NGO
electrical steel qualities is twofold [21]. Firstly, in order to obtain a lower grain
boundary surface, and so to avoid a high nucleation density of undesirable textures

Table 12.3 Chemistry of the NGO steel qualities studied (in 10−3 wt%) [24]

C N S Ti Mn Al Cr Si V P

ES1 <4 <22 <8 <40 300 100–200 30–60 300–400 <10 <50
ES2 <4 <39 <8 <40 300 100–200 30–60 1200–1500 <20 <190

Fig. 12.14 Processing route of semi-finished NGO electrical steels with chemistries in Table 12.3.
The HT stands for reheating temperature; R1,2,3 stands for roughing pass temperatures; F1,2
stands for the entrance temperature (F1) and exit temperature (F2) of finishing rolling, i.e. FRT
which stands for finishing rolling temperature is the average of F1 and F2; FT stands for the
temperature at which the fast cooling starts; and CT stands for the coiling temperature

Table 12.4 Silicon levels and finish rolling temperatures [24]

Si, wt.- % Ar1
a , ◦C Finish rolling temperature (FRT), ◦C

Entry (F1) Exit (F2)

ES1B 0.3 949 899 850
ES1C 0.3 839 777
ES2A 1.3 1010 832 752
ES2B 1.3 904 814

aAr1 stands for the highest temperature avoiding the austenite transformation
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Fig. 12.15 Near surface optical image from as-received ES1C [24]

during recrystallization after cold rolling. Secondly, to promote the appearance of
shear bands, since in coarse grained specimens, the imposed strain during cold
rolling is accommodated by breaking into several blocks separated each other by
shear bands [58], where the nucleation of cube grains takes place [120]. Finally, the
annealing after cold rolling was carried out.

The samples with higher finish rolling temperature (FRT), i.e. ES1B and ES2B
steels, present a recrystallized surface (Fig. 12.15) and deformed interior but highly
recovered with subgrain structure, finer in ES2B steel, as it is shown in Fig. 12.16.
The subgrain structure is illustrated in electropolished samples by means of electron
channelling contrast (ECC) imaging in scanning electron microscopy (SEM). This
technique is based on the fact that the yield of the backscattered electrons by the
material depends on the crystal structure and orientation of the crystallites in the
sample. This effect allows to clearly differentiate between recrystallized (i.e. strain-
free) and deformed grains.

On the other hand, those samples with lower FRT, i.e. ES1C and ES2A, also
show a recrystallized surface, in a lower level than ES2B and ES1B steels and with
smaller grain size. Subgrain structure is less developed and in any case with smaller
subgrains.

Figure 12.17 shows the mid-thickness textures after hot rolling. It has been
generally agreed that deformation at high ferrite – range temperatures produces a
texture consisting of an α-fibre with [110] stretching from (001)[110] to (111)[110],
and a γ-fibre. From the present data it can be inferred that the α-component is
stronger at higher FRT while the γ-fibre remains roughly constant or more uniform
when the FRT decreases.

In order to promote a coarser grain structure before cold rolling, a reheating
treatment is performed. The maximum temperature selected for avoiding the
austenite transformation, since the austenite to ferrite transformation results in grain
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Fig. 12.16 As hot-rolled structures. (a) ES1B ECC image, (b) ES2B ECC image, (c) ES1B optical
image, (d) ES2B optical image [24]

refinement [21], was 900 ◦C for ES1 and 950 ◦C for ES2 according with Ar1 values
listed in Table 12.4. Subsequently, ES1 samples after hot rolling were reheated for
1.5 h at 800, 850 and 900 ◦C and ES2 samples at 800, 850, 900 and 950 ◦C in
order to simulate coil cooling from these temperatures. The recrystallization and
grain growth processes were studied by interrupting reheating cycles at 800 and
900 ◦C by quenching after 10, 30, 100, 300 and 1000 s in all the studied steels.
From the grain size measure after 1.5 hour (Fig. 12.18) it is clear that bigger grain
size is obtained with the highest FRT in both Si steel grades. Maximum grain size is
obtained after 1.5 hour at 850 ◦C for ES1B and ES2B steels. Grain size change with
temperature is less noticeable in ES1C and ES2A steel, with a maximum at 850 ◦C
as well for ES1C steel and at 900 ◦C for ES2A steel.

Metallographic analysis revealed that recrystallization produce coarser and
elongated grains in material with higher FRT values (ES1B and ES2B). This effect
is more pronounced after reheating at low annealing temperatures (Fig. 12.19a, b).
However, material with lower FRT values (ES1C and ES2A) recrystallize in finer
and more equiaxed grains, as it is clearly shown in Fig. 12.19c. This phenomenon
does not depend on reheating temperature. Likewise, abnormal grain growth is also
observed in all samples near the surface as shown in Fig. 12.19d.
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Fig. 12.17 Mid-thickness textures after hot rolling: (a) ES1-B, (b) ES1-C, (c) ES2-A and (d)
ES2-B [24]

Fig. 12.18 Grain size after reheating treatments at different temperatures (T). The temperatures
between brackets in the legends stands for entry (F1) and exit (F2) temperatures in the finishing
rolling strand [24]
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Fig. 12.19 Optical micrographs after 1.5 h cycles. (a) ES1B, 850 ◦C; (b) ES1B, 900 ◦C; (c) and
(d) ES1C 850 ◦C [24]. Images in (c) and (d) are from different locations of the sample

Detailed observation shows precipitates inside recrystallized grains. Precipitates
tend to form alignments or ‘cells’. This ‘cell’ or ‘network’ structure is especially
evident for the lower annealing temperatures in the steels with higher FRT. Energy-
dispersive X-ray spectroscopy (XEDS) analysis allows to conclude that these
precipitates are AlN (Fig. 12.20).

The recrystallization processes in these steels might be better understood with the
assistance of EBSD analysis. Metallographic and electron back scatter diffraction
(EBSD) results show that recrystallization takes place with the development of a
subgrain structure and big anisotropic grains in steels with higher FRT values (Figs.
12.21a, b and 12.22a). To the contrary, usual nucleation and growth mechanisms
were observed in steels with lower FRT values (Figs. 12.21c and 12.22b). Therefore,
it is clear from the results obtained that two different recrystallization mechanisms
takes place depending on the FRT value.

Furthermore, mid-thickness textures of recrystallized samples (Fig. 12.23) shows
weaker textures than the hot-rolled material: electrical steels with the lowest FRT
(ES1C and ES2A) are almost not textured, whereas main texture components remain
when material with high-FRT is annealed.

The results reported here for NGO electrical steels with higher FRT are consistent
with those reported by Kestens et al. [62] who showed that recrystallization
proceeds by a continuous recrystallization plus subgrain coalescence mechanism,
which prompts to a bigger anisotropic grain. The temperature at which the last
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Fig. 12.20 AlN precipitation in ES1B steel. (a) Optical micrograph; (b) MTDATA data; (c) SEM;
(d) XEDS spectrum [24]

hot rolling reduction occurs is higher enough to ensure that most of the AlN
precipitation occurs during the subsequent recovery – recrystallization processes.
Thus, subgrain boundaries are pinned, and the subsequent migration of high angle
boundaries are stopped by the particles (continuous recrystallization) [45, 81, 138].
Further rearrangement of boundaries is controlled by dissolution and growth of AlN
particles. Since the FRT is high, the stored energy due to deformation is low enough
to avoid the nucleation of recrystallized grain on the deformed grain boundaries. The
recrystallization process involved is then well described by subgrain coalescence
which prompts the big anisotropic grains in the microstructure.

On the other hand, steels with lower FRT values show the usual nucleation
plus growth mechanism. Meanwhile most of the AlN precipitation events occur
after the last deformation step in material with higher FRT, some precipitation will
occur between deformation steps in material with lower FRT. Therefore, the amount
of AlN able to precipitate after the last deformation step, and hence during the
subsequent recovery – recrystallization processes, is reduced. This can explain that
no subgrain boundary pinning by AlN particles occurs in steels with lower FRT. This
fact, together with higher stored energy because of lower deformation temperature,
promotes the nucleation and growth mechanism for recrystallization in detriment of
continuous recrystallization in steels with lower FRT.

The higher stored energy because of the lower FRT together with the AlN
precipitation during the hot rolling schedule ensures a faster recrystallization and
avoids the precipitation process into the subgrain structure during recovery. The
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Fig. 12.21 EBSD analysis. Recrystallization during reheating: (a) grain boundaries in ES1B; (b)
α-fibre (green) and γ-fibre (red) in ES1B steel; and (c) grain boundaries in ES1C steel [24]

Fig. 12.22 Recrystallization during reheating. Optical micrographs (a) ES1B and (b) ES1C steels.
Etch: Nital 5% [24]

resultant grains are smaller and equiaxed. These assumptions are consistent with
the optical micrographs shown in Fig. 12.24.
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Fig. 12.23 Mid-thickness textures after 1.5 h annealing at 800 ◦C: (a) ES1B, (b) ES1C, (c) ES2B
and (d) ES2A steels [24]

The decrease in grain size detected during recrystallization in ES1B and ES2B
steels (Fig. 12.18) could be explained in the following. Because the higher reheating
temperature, the thermal activation is larger, and so more grains can grow after
continuous recrystallization. Variation of hardness with thermoelectric power (TEP)
in Fig. 12.25 [5, 7, 8, 22, 25] shows that at 900 ◦C, recrystallization takes place
before almost any precipitation, and this fact together with the observation of well
equiaxed smaller grains at this temperature seems to point to a discontinuous recrys-
tallization process, i.e. nucleation and growth, which takes place simultaneously
with continuous recrystallization mechanism.

Taking the foregoing results into consideration, the reheating cycles with coarser
grain size were chosen for the subsequent cold rolling and annealing. ES1 and ES2
with fine recrystallized grains, as well as not reheated ES1 samples were also cold
rolled in order to compare the final material. Cold rolling schedules are summarized
in Table 12.5.

Cold rolling of recrystallized samples leads to a deformed grain with shear bands,
both in coarse and fine grain microstructures, whereas no shears bands were reported
in hot rolled material without reheating (Fig. 12.26).
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Fig. 12.24 Optical micrographs after reheating at 850 ◦C for (a) 30, (b) 100 and (c) 1000 s in
ES2A and ES2B steels Etch: Nital 5% [24]

Fig. 12.25 TEP vs. hardness plots for different reheating temperatures of (a) ES1B and (b) ES2B
steels [24]
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Table 12.5 Cold rolling schedules [24]

Sample FRT (◦C) Reheating temperature (◦C) Cold rolling reduction (%)

ES1B80 900 No reheating 80
ES1BT80 900 850 80
ES1C80 850 No reheating 80
ES1CT80 850 850 80
ES2AT60 850 950 60
ES2BT60 900 850 60

Specimens are identified with their cold rolling reductions

Fig. 12.26 Optical micrographs of cold-rolled electrical steels: (a) ES1B80, (b) ES1BT80, (c)
ES1C80, (d) ES1CT80, (e) ES2AT60 and (f) ES2BT60. Etch Nital 5% [24]

Cold-rolled material was reheated at 10 ◦C/s, and after 60 s of holding at 650 ◦C
it was cooled at 10 ◦C/s to room temperature. Severe shear band nucleation was
reported in electrical steels during reheating. Nucleation of new grains in shear
bands was found mainly in ES1BT80 and ES2BT60 samples, because of the
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Fig. 12.27 Nucleation of recrystallized grains after annealing of cold rolled material for 60 s at
650 ◦C in (a) ES1BT80, (b) ES2BT60 and (c) ES1B80 steels. Etch: Nital 5% [24]

lower grain boundary area (Fig. 12.27a, b). This was also observed in the cold
rolled material of fine grain size, i.e. in ES1CT80 and ES2AT60 samples. A more
homogeneous nucleation through the whole microstructure occurred in the non-
annealed material, ES1B80 and ES1C80 (Fig. 12.27c).

Recrystallized grains were equiaxed and homogeneous through thickness as
shown in Fig. 12.28.

Despite the different grain size prior to cold rolling, minor differences between
recrystallized grain size after cold rolling and annealing were observed in ES1
material and even a bigger grain size was achieved for finer microstructure before
cold rolling. Nevertheless, massive nucleation in shear bands was detected, which
may explain the evolution of grain size. This fact may lead to a more desirable
texture as compared with the unrecrystallized or finer microstructure previous to
cold rolling, since shear bands are reported to be nucleation sites of desirable
textures in electrical steels (Fig. 12.29). The texture analysis might conclude that
(001)<1–10> desirable component is more intense after annealing at 700 ◦C.

12.7 Coatings for Electrical Steels

Electrical steel coatings are pigmented coatings that insulate silicon steel sheets of
motors and generators [18]. The ability of motors or generators to be magnetized
and demagnetized is crucial, and besides the use of electrical steels as core material,
the heat-curing electrical steel coating is the next key factor in the efficiency of
motors and generators. The main function of the coating is to insulate the electrical
steel sheets in order to prevent the flow of electricity and to reduce the eddy current.
Electrical steel coatings also serve to lengthen the shelf life of the required punching
tools.

As mentioned in sections above, the first electrical steel was developed by Goss
[32] in the 1930s of the last century, and it was commercialized by Armco in the
early 1940s. The basics of the processing route consist on hot rolling and cold
rolling to reduce the initial hot-band down to 6 mm thick strip, followed by a
decarburization treatment to reduce the amount of carbon down 0.003 wt.%, which
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Fig. 12.28 Optical microstructure after annealing at 900 ◦C (ES1) and 950 ◦C (ES2) revealing the
grain structure as described in Table 12.5: (a) ES1B80, (b) ES1BT80, (c) ES1C80, (d) ES1CT80,
(e) ES2AT60 and (f) ES2BT60 steel. Etch: Nital 5% [[24]

is followed by coating with a thin MgO layer. Then, the Fe-Si alloy is annealed
at 1200 ◦C to promote secondary recrystallization of large grains with [001](110)
texture, which is predominant because the presence of MnS particles suppresses
the growth of grains with other orientations. During this annealing, the addition
of magnesium oxide (MgO), which is added as a separator to prevent the risk of
sheets sticking together, will react with the steel surface to form a thin magnesium
silicate layer called the glass film (Mg2SiO4) or forsterite layer. The forsterite layer
facilitates sulphur removal which is absorbed in the coating. Finally, the material
is given a flattening anneal, when excess MgO is removed and a thin phosphate
coating is applied which reacts with the magnesium silicate to form a strong, highly
insulating coating.

In the early 1970s, the role of phosphate coating was finally clarified by the
work of Pfutzner and Zehetbauer [123, 124]. This work illustrated the way of taking
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Fig. 12.29 Nucleation of
(001)<1–10> grains (in red)
on shear bands in ES1 during
annealing at 650 ◦C [24]
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advantage of the stress sensitivity of the power loss and magnetostriction to reduce
the total losses by the coating. The annealing and biaxial stress of coating stage in
the processing route of electrical steels generate a complex state of tension. The
mechanism on which coating applies tension on steel is twofold. Firstly, isotropic
tension is applied by the coating on steel due to the strain set up by the difference
in thermal contraction of the steel and the coating. Secondly, the uniaxial tension
applied to steel in the rolling direction is held by the coating and a tension of
1.2 MPa was measured. In addition to these, there are other two causes of stress in
the steel. During high temperature coil annealing, the coil due to large mass causes
widening of the base, but this is restricted due to the tight wound and this causes
transverse compression. Furthermore, the interlaminar compression perpendicular
to the plane acting on waviness in the strip causes longitudinal compression.

Further work of Washko and Choby [158] demonstrated that better oriented steel
is more influenced by the coating that induces a reduction in 180◦ domain wall
spacing, and a drop in the number of supplementary domain structures. An applied
stress of 6.9 MPa on conventional GO steels showed loss improvement of less
than 3% whereas the same stress applied on HiB steels showed an improvement
of 10–14% [164, 165]. These findings led to the development of the so-called stress
coatings. Goel [31] reported an extensive literature review on the development of
stress coatings considering the actual coating technology used. In summary, coating
helps the steel in reducing both the losses and the magnetostriction. The eddy current
losses are reduced by the insulation resistance supplied by the coating between
stacked steel sheets. Besides, the coating also reduces the hysteresis and anomalous
loss by improving the surface roughness that would increase the number of mobile
domains with the concomitant reduction in energy consumption on moving the
domains. The existence of a beneficial tensile stress in the substrate because of
the difference in thermal contraction between steel and the coating eliminates
the surface closure domains whereas losses are reduced as tensile stress helps
in narrowing the domain wall spacing which decreases the anomalous loss. The
refinement in hysteresis loss is due to reduction in the surface closure domains. In
this sense, the Nishiike et al. [108] investigated the influence of surface properties
on the magnetic properties of grain-oriented silicon steel was investigated through
measurements of iron losses and magnetic domain patterns in an oxide film-coated
and mirror surface-finished specimen, with tensile stress applied in the rolling
direction. They reported that the hysteresis loss falls rapidly when the surface
roughness is reduced, presumably because of the enhanced mobility of the domain
wall. When the tensile stress is increased to about 10 MPa, the eddy current loss
is reduced due to the refinement of magnetic domains, but above 10 MPa or so it
gradually declines, presumably due to the rotation of the magnetization direction.

Nippon steel corporation [153] currently applies a coating with 4–16 weight %
colloidal silica, 3–24 weight % aluminium phosphate and 0.2–4.5 weight % of
compound from the group of chromic anhydride. The coating is cured at 350 ◦C
to achieve a deposition of 4 gm/m2 on one side with a power loss reduction of 5%
and magnetostriction reduction of 15 με at compressive stress of 30 kg/cm2. The
reason for reduction in power loss and magnetostriction by the coating was due to
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the low thermal expansion coefficient of silica in colloidal silica and also due to the
super microgranular nature of it which removes the unevenness in the surface.

On the other hand, Armco Steel Corporation [66] manufacture a coating of silica
and potassium oxide in the ratio 2:1 to 2.5:1 on glass coating with or without the
phosphate coating and annealed at 550–900 ◦C in the atmosphere of dry nitrogen
and hydrogen in the ratio 9:1 to develop a coating of thickness 0.04–0.2 mm. The
reduction in power loss recorded is by 4–5% and magnetostriction reduction of
50 με at no applied stress. The improvement was due to the low coefficient of
thermal expansion that imparts tensile stress and high resistivity of the coating.

JFE Steel Corporation [152] produced a chromium-free coating with a solution
of phosphates from the group of Al, Mg, Ca, Ba, Sr, Zn and Mn with colloidal
silica of 0.5 to 10 mol and one element from Mg, Sr, Zn, Ba and Ca with 0.02 to
2.5 mol in relation to PO4:1 mol in phosphates with a thickness of 3 μm on one side
and achieved 8 MPa of tension in the coating. The tension developed in the coating
was due to the difference in thermal expansion coefficient and the amount of tension
developed depended upon the thickness of the coating with thinner coating applying
less tension than thick coating.

ThyssenKrupp manufactures an inorganic coating on the glass film layer which
forms during annealing. A coating thickness of 2−5 μm provides good electrical
resistance and high-stacking factor. The coating, which is annealing resistant up to
840 ◦C, enables wound cores and punched laminations to be stress relief annealed.
The coating is chemically resistant to any fluid it may be exposed to during the
production process [115].

AK Steel manufactures an inorganic coating equivalent to ASTM A976 C-
5, commercially named as CARLITE

®
(https://www.aksteel.de/), consisting of a

glass-like film formed during high-temperature hydrogen anneal as the result of
the reaction of an applied coating of MgO and silicates in the surface of the
steel, and subsequently phosphate, and with ceramic fillers added to enhance the
interlaminar resistance. CARLITE

®
coating provides other important advantages

such as potential for reduced transformer building factor from added resistance to
elastic strain damage, potential for reduction of magnetostriction related transformer
noise, high stacking factor, and low coefficient of friction.

Cogent Power Ltd. manufactures the coating during a high-temperature coil
anneal (HTCA) at 1100 ◦C in hydrogen for 5 days, where the steel is coated in
a magnesium oxide slurry which reacts with fayalite (Fe2SiO4) on the steel surface
to form forsterite (Mg2SiO4). After the HTCA, the steel sheets pass to the thermal
flattening line where the steel strip is held under tension while the final phosphate
coating is applied (see https://cogent-power.com/downloads).

There are also a number of alternative methods, not industrially established yet
for the case of electrical steels that can be used to apply a coating on the surface
of steel sheet such as sol gel [112], CVD [163], PVD [43], plasma spraying, wet
coating, printing, electroless and electrochemical plating.

https://www.aksteel.de/
https://cogent-power.com/downloads
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12.8 Future of Electrical Steels

It is clear that the immediate future of electric steels is to optimize the existing
product ranges, both NGO and GO electrical steels. Manufacturing cost savings
will continue to be a high priority and may offer scope for the development of
new production methods, such as spray forming. Research will continue on how
to increase the resistivity of the material without incorporating large amounts of
alloying elements, due to the need to reduce eddy current losses while maintaining
a high saturation. The use of manganese or aluminium should be considered in
any new production route and even the use of more expensive elements, such as
chromium and nickel, could be justified in some cases in which the demand for
reduced losses continues.

The customer demand for reduced losses will boost the research to produce high-
performance electrical steels through better secondary recrystallization methods,
grain orientation control, increasing the electrical resistivity, gauge reduction and
understanding the magnetic domain structure [16, 40, 41], and of course, the devel-
opment of better and more effective stress coatings. All of these will definitively
play a dominant role in minimizing losses and magnetostriction.

Obviously, the incorporation of the chain of production of electrical steels to
a productive sector within a circular economy will pay more attention to the
environment and the recycling capacity of both steels and manufacturing routes,
which can lead to changes in the manufacturing route to be more sustainable from
the ecological point of view. It is also a need to produce steel qualities that reduce the
noise emission of the magnetic cores, hence the need for a lower magnetostriction,
which can only be achieved through a more careful domain control.

A better understanding of normal magnetization conditions in products that use
non-oriented steels will help manufacturers to develop more appropriate products
through better texture control, e.g. providing more isotropic materials for small
motors and transformers or textured steel for lamp ballasts. The relationship
between core loss and permeability, in the stators of rotating machines, should be
better understood.
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29. M. Furtkamp, P. Lejček, S. Tsurekawa, Grain boundary migration in Fe-3wt.%Si alloys.
Interface Sci. 6(1), 59–66 (1998).

30. M. Godec, M. Jenko, R. Mast, H.J. Grabke, Texture measurements on electrical steels alloyed
with tin. Vacuum 61(2–4), 151–155 (2001).

31. V. Goel, Novel Coating Technologies for Electrical Steels (Cardiff University, Wales, 2016)
32. N.P. Goss, Electrical sheet and method and apparatus for its manufacture and test. USA Patent

US1965559, 1934
33. H.E. Grenoble, The role of solutes in the secondary recrystallization of silicon iron. IEEE

Trans. Magn. 13(5), 1427–1432 (1977).
34. H.E. Grenoble, H.C. Fiedler, Secondary recrystallization of silicon-iron by solute-induced

boundary restraint. J. Appl. Phys. 40(3), 1575–1576 (1969).
35. R. Hadfield, E. Newbery, The corrosion and electrical properties of steels. Proc. R. Soc. Lond.

Ser. A-Cont. Pap Math. Phys. Character 93(647), 56–67 (1917).
36. R.A. Hadfield, Magnetic composition and method of making same. USA Patent US745829A,

1903
37. J.Harase, R. Shimizu, K. Kuroki, T. Nakayama, T. Wada, T.Watanabe, Effect of primary

recrystallization texture, orientation distribution and grain boundary characteristics on the
secondary recrystallization behaviour of grain-oriented silicon steel having aln and mns
as inhibitors. In: Proceedings of Fourth JIM International Symposium on Grain Boundary
Structure and Related Phenomena, Sendai, Japan, Minakami, Japan. Japan Institute of Metals,
pp. 563–570, 1986

38. D. Hawezy, The influence of silicon content on physical properties of non-oriented silicon
steel. Mater. Sci. Technol. 33(14), 1560–1569 (2017).

39. Y. Hayakawa, Mechanism of secondary recrystallization of Goss grains in grain-oriented
electrical steel. Sci. Technol. Adv. Mater. 18(1), 480–497 (2017).

40. Y. Hayakawa, M. Kurosawa, Orientation relationship between primary and secondary recrys-
tallized texture in electrical steel. Acta Mater. 50(18), 4527–4534 (2002)

41. Y. Hayakawa, M. Muraki, J.A. Szpunar, The changes of grain boundary character distribution
during the secondary recrystallization of electrical steel. Acta Mater. 46(3), 1063–1073
(1998)

42. Y. Hayakawa, J.A. Szpunar, A new model of Goss texture development during secondary
recrystallization of electrical steel. Acta Mater. 45(11), 4713–4720 (1997)

43. X.D. He, X. Li, Y. Sun, Microstructure and magnetic properties of high silicon electrical
steel produced by electron beam physical vapor deposition. J. Magn. Magn. Mater. 320(3–4),
217–221 (2008).

44. N.H. Heo, Cold rolling texture, nucleation and direction distribution of {110} grains in 3%
Si–Fe alloy strips. Mater. Lett. 59(22), 2827–2831 (2005).

45. H. Homma, B. Hutchinson, Orientation dependence of secondary recrystallisation in silicon-
iron. Acta Mater. 51(13), 3795–3805 (2003)

46. H. Homma, K. Murakami, T. Tamaki, N. Shibata, T. Yamamoto, Y. Ikuhara, Effects of grain
boundary characters for secondary recrystallisation in grain oriented silicon steel. Mater. Sci.
Forum 558–559, 633–640 (2007)



12 Electrical Steels 609

47. K. Honma, T. Nozawa, H. Kobayashi, Y. Shimoyama, I. Tachino, K. Miyoshi, Development of
non-oriented and grain-oriented silicon steel (invited). IEEE Trans. Magn. 21(5), 1903–1908
(1985).

48. C.K. Hou, Effect of hot band annealing temperature on the magnetic properties of low-carbon
electrical steels. ISIJ Int. 36(5), 563–571 (1996)

49. C.K. Hou, C.T. Hu, S. Lee, Effect of residual aluminium on the microstructure and magnetic
properties of low carbon electrical steels. Mater. Sci. Eng. A 125(2), 241–247 (1990).

50. C.K. Hou, C.T. Hu, S. Lee, The effect of titanium and niobium on degradation of magnetic
properties of lamination steels. J. Magn. Magn. Mater. 87(1–2), 44–50 (1990).

51. C.K. Hou, C.T. Hu, S. Lee, The effect of phosphorus on the core loss of lamination steels. J.
Magn. Magn. Mater. 109(1), 7–12 (1992).

52. C.K. Hou, C.T. Hu, S.B. Lee, Effect of residual aluminum on the microstructure and
magnetic-properties of low-carbon electrical steels. Mater. Sci. Eng. A-Struct. Mater. Prop.
Microstruct. Processing 125(2), 241–247 (1990c).

53. C.K. Hou, S. Lee, The effect of aluminum on the magnetic properties of lamination steels.
IEEE Trans. Magn. 27(5), 4305–4309 (1991).

54. C.K. Hou, P.C. Wang, Effects of composition and process variables on core loss and hardness
of low carbon electrical steels. J. Magn. Magn. Mater. 92(1), 109–115 (1990).

55. Y. Houbaert, T. Ros-Yáñez, A. Monsalve, J. Barros Lorenzo, Texture evolution in experi-
mental grades of high-silicon electrical steel. Phys. B Condens. Matter 384(1–2), 310–312
(2006)

56. Y. Hu, V. Randle, T. Irons, Macrotexture and microtexture evolution in cold rotted non-
oriented electrical steel sheets during annealing. Mater. Sci. Technol. 22(11), 1333–1337
(2006)

57. W.B. Hutchinson, Development and control of annealing textures in low-carbon steels. Int.
Met. Rev. 29(1), 25–40 (1984).

58. H. Inagaki, Fundamental aspect of texture formation in low-carbon steel. ISIJ Int. 34(4), 313–
321 (1994).

59. Y. Inokuti, Ultra-low iron loss unidirectional silicon steel sheet. Japan Patent EP0910101
(A4), 1998

60. T. Iuchi, S. Yamaguchi, T. Ichiyama, M. Nakamura, T. Ishimoto, K. Kuroki, Laser processing
for reducing core loss of grain oriented silicon steel. J. Appl. Phys. 53(3), 2410–2412 (1982).

61. K. Iwayama, S. Taguchi, K. Kuroki, T. Wada, Relation between orientation and core loss in
grain-oriented 3% silicon steel with high permeability. J. Magn. Magn. Mater. 26(1–3), 37–39
(1982).

62. L. Kestens, J. Jonas, P. Van Houtte, E. Aernoudt, Orientation selective recrystallization of
nonoriented electrical steels. Metall. Mater. Trans. A 27(8), 2347–2358 (1996)

63. L. Kestens, J.J. Jonas, P. VanHoutte, E. Aernoudt, Orientation selection during static
recrystallization of cross-rolled non-oriented electrical steel. Textures Microtextures 26–27,
321–335 (1998)

64. K.N. Kim, L.M. Pan, J.P. Lin, Y.L. Wang, Z. Lin, G.L. Chen, The effect of boron content
on the processing for Fe-6.5 wt% Si electrical steel sheets. J. Magn. Magn. Mater. 277(3),
331–336 (2004).

65. K.-J. Ko, J.-T. Park, J.-K. Kim, N.-M. Hwang, Morphological evidence that Goss abnormally
growing grains grow by triple junction wetting during secondary recrystallization of Fe-3%
Si steel. Scr. Mater. 59(7), 764–767 (2008)

66. D.M. Kohler, Potassium silicate coated silicon steel. USA Patent US3522113A, 1968
67. R.F. Krause, G.C. Rauch, W.H. Kasner, R.A. Miller, Effect of laser scribing on the magnetic

properties and domain structure of high-permeability 3% Si-Fe. J. Appl. Phys. 55(6), 2121–
2123 (1984).

68. K. Kuroki, K. Fukawa, T. Wada, Artificial domain control of the grain oriented silicon steel.
Nippon Kinzoku Gakkaishi 45(4), 379–383 (1981)

69. K. Kuroki, T. Sato, T. Wada, Inhibitors for grain oriented silicon steel. Nippon Kinzoku
Gakkaishi 43(3), 175–181 (1979)



610 C. Capdevila

70. F. Landgraf, Nonoriented electrical steels. JOM J. Miner. Met. Mater. Soc. 64(7), 764–771
(2012).

71. F.J.G. Landgraf, M. Emura, J.C. Teixeira, M.F. de Campos, Effect of grain size, deformation,
aging and anisotropy on hysteresis loss of electrical steels. J. Magn. Magn. Mater. 215, 97–99
(2000)

72. F.J.G. Landgraf, M. Emura, J.C. Teixeira, M.F. de Campos, C.S. Muranaka, Anisotropy of the
magnetic losses components in semi-processed electrical steels. J. Magn. Magn. Mater. 197,
380–381 (1999)

73. F.J.G. Landgraf, R. Takanohashi, F.C. Chagas, M.F. De Campos, I.G.S. Falleiros, The origin
of grain size inhomogeneity in semi-processed electrical steels. J. Magn. Magn. Mater. 215–
216, 92–93 (2000).

74. K.C. Liao, The effect of manganese and sulfur contents on the magnetic properties of cold
rolled lamination steels. Metall. Trans. A 17(8), 1259–1266 (1986).

75. M. Lindenmo, A. Coombs, D. Snell, Advantages, properties and types of coatings on non-
oriented electrical steels. J. Magn. Magn. Mater. 215, 79–82 (2000).

76. M.F. Littmann, Iron and silicon – iron alloys. IEEE Trans. Magn. MAG7(1), 48-+ (1971).
77. M.F. Littmann, Development of improved cube-on-edge texture from strand cast 3pct silicon-

iron. Metall. Trans. A. 6(5), 1041–1048 (1975).
78. M.F. Littmann, Grain-oriented silicon steel sheets. J. Magn. Magn. Mater. 26(1–3), 1–10

(1982).
79. H. Liu, Z. Liu, C. Li, G. Cao, G. Wang, Solidification structure and crystallographic texture of

strip casting 3 wt.% Si non-oriented silicon steel. Materials Charact. 62(5), 463–468 (2011).
80. J.L. Liu, Y.H. Sha, F. Zhang, J.C. Li, Y.C. Yao, L. Zuo, Development of {2 1 0}<0 0 1>

recrystallization texture in Fe-6.5 wt.% Si thin sheets. Scr. Mater. 65(4), 292–295 (2011).
81. H.T. Liu, H.L. Li, H. Wang, Y. Liu, F. Gao, L.Z. An, S.Q. Zhao, Z.Y. Liu, G.D. Wang,

Effects of initial microstructure and texture on microstructure, texture evolution and magnetic
properties of non-oriented electrical steel. J. Magn. Magn. Mater. 406, 149–158 (2016).

82. T. Lizzi, K.S.V.L. Narasimhan, E.J. Dulis, Development of goss texture in fe-6. 5% si-2% ni.
IEEE Trans. Magn. MAG-22(5) (1986)

83. G. Lyudkovsky, P.K. Rastogi, M. Bala, Nonoriented electrical steels. J. Metals 38(1), 18–25
(1986).

84. G. Lyudkovsky, P.K. Rastogi, M. Bala, Nonoriented electrical steels. JOM 38(1), 18–26
(1986).

85. G. Lyudkovsky, P.D. Southwick, The effect of thermomechanical history upon the microstruc-
ture and magnetic properties of nonoriented silicon steels. Metall. Trans. A 17(8), 1267–1275
(1986).

86. S. Mager, J. Wieting, Influence of the hot rolling conditions on texture formation in Fe-Si
sheets. J. Magn. Magn. Mater. 133(1–3), 170–173 (1994)

87. W.M. Mao, P. Yang, Control of {100} textures and improvement of magnetic. Cailiao Rechuli
Xuebao 37(4), 1–4 (2016)

88. K.M. Marra, E.A. Alvarenga, V.T.L. Buono, Magnetic aging a nisotropy of a semi-processed
non-oriented electrical steel. Mater. Sci. Eng. A 390(1–2), 423–426 (2005).

89. K.M. Marra, E.A. Alvarenga, V.T.L. Buono, Magnetic aging anisotropy of a semi-processed
non-oriented electrical steel. Mater. Sci. Eng. A-Struct. Mater. Prop. Microstruct. Processing
390(1–2), 423–426 (2005)

90. K. Matsumura, B. Fukuda, Recent developments of non-oriented electrical steel sheets. IEEE
Trans. Magn. 20(5), 1533–1538 (1984).

91. J.E. May, D. Turnbull, Effect of impurities on the temperature dependence of the (110) [001]
texture in silicon-Iron. J. Appl. Phys. 30(4), S210–S212 (1959).

92. G.M. Michal, J.A. Slane, The kinetics of carbide precipitation in silicon-aluminum steels.
Metall. Trans. A 17(8), 1287–1294 (1986).

93. J.T. Michalak, R.D. Schoone, Recrystallization and texture development in a low-carbon
aluminum-killed steel. Trans. Metall. Soc. Aime 242(6), 1149-& (1968)



12 Electrical Steels 611

94. A. Morawiec, On abnormal growth of Goss grains in grain-oriented silicon steel. Scripta
Materialia 64(5), 466–469 (2011).

95. W.G. Morris, P. Rao, J.W. Shilling, D.R. Fecich, Effect of Forsterite coatings on the domain
structure of grain-oriented 3-percent Si-Fe. IEEE Trans. Magn. 14(1), 14–17 (1978).

96. D. Moseley, Y. Hu, V. Randle, T. Irons, Role of silicon content and final annealing temperature
on microtexture and microstructure development in non-oriented silicon steel. Mater. Sci.
Eng. A-Struct. Mater. Prop. Microstruct. Processing 392(1–2), 282–291 (2005)

97. A.J. Moses, Electrical steels: past, present and future developments. IEE Proc. A (Phys. Sci.
Meas. Instrum. Manage. Educ.) 137(5), 233–245 (1990)

98. A.J. Moses, Energy efficient electrical steels: magnetic performance prediction and optimiza-
tion. Scr. Mater. 67(6), 560–565 (2012).

99. A.J. Moses, Relevance of microstructure and texture to the accuracy and interpretation of 1
and 2 directional characterisation and testing of grain-oriented electrical steels. Int. J. Appl.
Electromagn. Mech. 55, S3–S13 (2017).

100. A.J. Moses, S.N. Konadu, Some effects of grain boundaries on the field distribution on the
surface of grain oriented electrical steels. Int. J. Appl. Electromagn. Mech. 13(1–4), 339–342
(2001)

101. A.J. Moses, W.A. Pluta, Anisotropy influence on hysteresis and additional loss in silicon steel
sheets. Steel Res. Int. 76(6), 450–454 (2005).

102. S. Nakashima, K. Takashima, J. Harase, Effect of cold-rolling reduction on secondary
recrystallization in grain-oriented electrical steel produced by single-stage rolling process.
ISIJ Int. 31(9), 1013–1019 (1991)

103. S. Nakashima, K. Takashima, J. Harase, Effect of silicon content on secondary recrystalliza-
tion in grain-oriented electrical steel produced by single-stage cold-rolling process. ISIJ Int.
31(9), 1007–1012 (1991)

104. T. Nakayama, N. Honjou, Effect of aluminum and nitrogen on the magnetic properties of non-
oriented semi-processed electrical steel sheet. J. Magn. Magn. Mater. 213(1), 87–94 (2000)

105. T. Nakayama, N. Honjou, T. Minaga, H. Yashiki, Effects of manganese and sulfur contents
and slab reheating temperatures on the magnetic properties of non-oriented semi-processed
electrical steel sheet. J. Magn. Magn. Mater. 234(1), 55–61 (2001)

106. T. Nakayama, M. Takahashi, Effects of vanadium on magnetic properties of semi-processed
non-oriented electrical steel sheets. J. Mater. Sci. 30(23), 5979–5984 (1995)

107. T. Nakayama, T. Tanaka, Effects of titanium on magnetic properties of semi-processed non-
oriented electrical steel sheets. J. Mater. Sci. 32(4), 1055–1059 (1997).

108. U. Nishiike, T. Kan, A. Honda, Influence of surface properties on the stress magnetization
properties of grain-oriented silicon steel. IEEE Transl. J. Magn. Jpn. 8(11), 777–782 (1993).

109. Y. Oda, Y. Tanaka, A. Chino, K. Yamada, The effects of sulfur on magnetic properties of
non-oriented electrical steel sheets. J. Magn. Magn. Mater. 254, 361–363 (2003)

110. K. Okada, T. Yamaji, K. Kasai, Basic investigation of CVD method for manufacturing 6.5%
Si steel sheet. ISIJ Int. 36(6), 706–713 (1996).

111. C. Oldani, S.P. Silvetti, Microstructure and texture evolution during the annealing of a
lamination steel. Scr. Mater. 43(2), 129–134 (2000)

112. T. Olding, M. Sayer, D. Barrow, Ceramic sol-gel composite coatings for electrical insulation.
Thin Solid Films 398, 581–586 (2001).

113. Y. Onuki, R. Hongo, K. Okayasu, H. Fukutomi, Texture development in Fe–3.0 mass% Si
during high-temperature deformation: Examination of the preferential dynamic grain growth
mechanism. Acta Mater. 61(4), 1294–1302 (2013).

114. Y. Ozaki, M. Muraki, T. Obara, Microscale texture and recrystallized orientations of coarse
grained 3%Si-steel rolled at high temperature. ISIJ Int. 38(6), 531–538 (1998)

115. U. Paar, S. Sepeur, S. Goedicke, K. Steinhoff, Method for coating metal surfaces. Germany
Patent, 2010

116. S.C. Paolinelli, M.A. Cunha, A.B. Cota, Effect of hot band grain size on the texture evolution
of 2% Si non-oriented steel during final annealing. IEEE Trans. Magn. 51(6), 4 (2015).



612 C. Capdevila

117. H.-K. Park, J.-H. Kang, C.-S. Park, C.-H. Han, N.-M. Hwang, Pancake-shaped growth of
abnormally-growing Goss grains in Fe-3%Si steel approached by solid-state wetting. Mater.
Sci. Eng. A 528(7–8), 3228–3231 (2011).

118. H.-K. Park, S.-D. Kim, S.-C. Park, J.-T. Park, N.-M. Hwang, Sub-boundaries in abnormally
growing Goss grains in Fe-3% Si steel. Scr. Mater. 62(6), 376–378 (2010)

119. J.-T. Park, J.A. Szpunar, Effect of initial grain size on texture evolution and magnetic
properties in nonoriented electrical steels. J. Magn. Magn. Mater. 321(13), 1928–1932
(2009).

120. J.T. Park, J.A. Szpunar, Evolution of recrystallization texture in nonoriented electrical steels.
Acta Mater. 51(11), 3037–3051 (2003)

121. J.T. Park, J.S. Woo, S.K. Chang, Effect of phosphorus on the magnetic properties of non-
oriented electrical steel containing 0.8 wt% silicon. J. Magn. Magn. Mater. 182(3), 381–388
(1998)

122. J.Y. Park, K.S. Han, J.S. Woo, S.K. Chang, N. Rajmohan, J.A. Szpunar, Influence of primary
annealing condition on texture development in grain oriented electrical steels. Acta Mater.
50(7), 1825–1834 (2002)

123. H. Pfutzner, C. Bengtsson, M. Zehetbauer, Effects of torsion on domains of coated si-fe
sheets. IEEE Trans. Magn. 20(5), 1554–1556 (1984).

124. H. Pfutzner, M. Zehetbauer, On the mechanism of domain refinement due to scratching. Jpn.
J. Appl. Phys. Part 2 Lett. 21(9), L580–L582 (1982).

125. R. PremKumar, I. Samajdar, N.N. Viswanathan, V. Singal, V. Seshadri, Relative effect(s) of
texture and grain size on magnetic properties in a low silicon non-grain oriented electrical
steel. J. Magn. Magn. Mater. 264(1), 75–85 (2003)

126. P. Rauscher, B. Betz, J. Hauptmann, A. Wetzig, E. Beyer, C. Grünzweig, The influence of
laser scribing on magnetic domain formation in grain oriented electrical steel visualized by
directional neutron dark-field imaging. Sci. Rep. 6, 38307 (2016). https://www.nature.com/
articles/srep38307#supplementary-information

127. J.R. Reitz, F.J. Milford, R.W. Christy, Foundations of Electromagnetic Theory (Addison-
Wesley, New York, 1993)

128. A. Rollett, F. Humphreys, G.S. Rohrer, M. Hatherly, Recrystallization and Related Annealing
Phenomena, 2nd edn. (Elsevier Ltd., Amsterdam, 2004).

129. T. Ros-Yanez, Y. Houbaert, O. Fischer, J. Schneider, Production of high silicon steel for
electrical applications by thermomechanical processing. J. Mater. Process. Technol. 143, 916–
921 (2003)

130. T. Ros-Yanez, D. Ruiz, J. Barros, Y. Houbaert, R. Colás, Study of deformation and aging
behaviour of iron-silicon alloys. Mater. Sci. Eng. A 447(1–2), 27–34 (2007)

131. T. Ros-Yañez, Y. Houbaert, M. De Wulf, Evolution of magnetic properties and microstructure
of high-silicon steel during hot dipping and diffusion annealing, in IEEE International
Magnetics Conference, INTERMAG Europe 2002, ed. by J. Fidler, B. Hillebrands, C. Ross, et
al., (Institute of Electrical and Electronics Engineers Inc., Piscataway, 2002).

132. T. Ros-Yañez, Y. Houbaert, V. Gómez Rodríguez, High-silicon steel produced by hot dipping
and diffusion annealing. J. Appl. Phys. 91(10 I), 7857–7859 (2002).

133. W.E. Ruder, Magnetisation and crystal orientation. Trans. Am. Soc. Steel Treat. 8, 23–29
(1920)

134. D. Ruiz, T. Ros Yáñez, Y. Houbaert, R.E. Vandenberghe, Order in high silicon electrical
steel characterized by Mössbauer spectroscopy, in IEEE International Magnetics Conference-
2002 IEEE INTERMAG, Amsterdam, (Institute of Electrical and Electronics Engineers Inc.,
Piscataway, 2002)

135. G. Rusakov, M. Lobanov, A. Redikultsev, I. Kagan, Model of 110〈001〉 texture formation in
shear bands during cold rolling of Fe-3 Pct Si alloy. Metall. Mater. Trans. A 40(5), 1023–1025
(2009)

136. G.M. Rusakov, A.A. Redikultsev, M.L. Lobanov, Formation mechanism for the orientation
relationship between 110〈001〉 and 111〈112〉 grains during twinning in Fe-3 Pct Si alloy.
Metall. Mater. Trans. A 39(10), 2278–2280 (2008)

https://www.nature.com/articles/srep38307#supplementary-information


12 Electrical Steels 613

137. T. Sadayori, Y. Iida, B. Fukuda, K. Iwamoto, K. Sato, Y. Shimizu, Developments of grain-
oriented silicon steel sheets with low iron loss. Kawasaki Steel Tech. Rep. 22, 84–91 (1990)

138. G. Sahoo, C.D. Singh, M. Deepa, S.K. Dhua, A. Saxena, Recrystallization behaviour and
texture of non-oriented electrical steels. Mater. Sci. Eng. A 734, 229–243 (2018).

139. T. Saito, Effect of minor elements on normal grain growth rate in singly oriented Si-steel. J.
Jpn. Inst. Metals 27(4), 186–191 (1963).

140. T. Saito, Effect of minor elements on secondary recrystallization in singly oriented Si-steel.
J. Jpn. Inst. Metals 27(4), 191–195 (1963).

141. J. Salinas-Beltrán, A. Salinas-Rodríguez, E. Gutiérrez-Castañeda, R. Deaquino Lara, Effects
of processing conditions on the final microstructure and magnetic properties in non-oriented
electrical steels. J. Magn. Magn. Mater. 406, 159–165 (2016).

142. A. Saxena, S.K. Chaudhuri, Correlating the aluminum content with ferrite grain size and core
loss in non-oriented electrical steel. ISIJ Int. 44(7), 1273–1275 (2004).

143. A. Saxena, A. Sengupta, S.K. Chaudhuri, Effect of absorbed nitrogen on the microstructure
and core loss property of non-oriented electrical steel. ISIJ Int. 45(2), 299–301 (2005).

144. A. Schoppa, J. Schneider, C.D. Wuppermann, Influence of the manufacturing process on
the magnetic properties of non-oriented electrical steels. J. Magn. Magn. Mater. 215, 74–78
(2000)

145. J.W. Shilling, W.G. Morris, M.L. Osborn, P. Rao, Orientation dependence of domain wall
spacing and losses in 3-percent Si-Fe single crystals. IEEE Trans. Magn. 14(3), 104–111
(1978).

146. Y. Sidor, F. Kovac, T. Kvackaj, Grain growth phenomena and heat transport in non-oriented
electrical steels. Acta Mater. 55(5), 1711–1722 (2007)

147. R.E. Smallman, R.J. Bishop, Chapter 6 – The physical properties of materials, in Modern
Physical Metallurgy and Materials Engineering, ed. by R. E. Smallman, R. J. Bishop, 6th
edn., (Butterworth-Heinemann, Oxford, 1999), pp. 168–196.

148. N. Sumida, T. Fujii, Y. Oguchi, H. Morishita, K. Yoshimura, F. Sudo, Production of ultra-low
carbon steel by combined process of bottom-blown converter and rh degasser. Kawasaki Steel
Tech. Rep. 8, 69–76 (1983)

149. S. Taguchi, K. Kuroki, T. Wada, K. Iwayama, Effect of degree of grain orientation alignment
on core loss for grain-oriented electrical steel. Nippon Kinzoku Gakkai-si 46(6), 609–615
(1982)

150. S. Taguchi, A. Sakakura, The effects of AlN on secondary recrystallization textures in cold
rolled and annealed (001)[100] single crystals of 3% silicon iron. Acta Metall. 14(3), 405–423
(1966).

151. M. Takashima, M. Komatsubara, N. Morito, {001}(210) texture development by two-stage
cold rolling method in non-oriented electrical steel. ISIJ Int. 37(12), 1263–1268 (1997)

152. M. Takashima, M. Muraki, M. Watanabe, T. Shigekuni, Treatment solution for insulation
coating for grain oriented electrical steel sheet and method for producing grain oriented
electrical steel sheet having insulation coating. Japan Patent US8535455B2, 2007

153. O. Tanaka, T. Yamamoto, T. Takata, Method for forming an insulating film on an oriented
silicon steel sheet. Japan Patent US3856568A, 1971

154. Y. Tanaka, Y. Takada, M. Abe, S. Masuda, Magnetic properties of 6.5% Si-Fe sheet and its
applications. J. Magn. Magn. Mater. 83(1–3), 375–376 (1990).

155. K. Ushioda, W.B. Hutchinson, Role of shear bands in annealing texture formation in 3%Si-Fe
(111)[112?] single crystals. ISIJ Int. 29(10), 862–867 (1989)

156. K. Verbeken, I. Infante-Danzo, J. Barros-Lorenzo, J. Schneider, Y. Houbaert, Innovative
processing for improved electrical steel properties. Rev. Metal (Madrid) 46(5), 458–468
(2010).

157. T. Wada, K. Kuroki, K. Iwayama, Effect of cold rolling on the left brace 110 right brace lt
an br 001 rt an br secondary recrystallization in 3% silicon steel. Tetsu To Hagane 70(15),
2065–2072 (1984).



614 C. Capdevila

158. S.D. Washko, E.G. Choby, Evidence for the effectiveness of stress coatings in improving the
magnetic-properties of high permeability 3-percent si-fe. IEEE Trans. Magn. 15(6), 1586–
1591 (1979).

159. F.E. Werner, Electrical steels: 1970–1990, in Energy Efficient Electrical Steels, (The Metal-
lurgical Society, Warrendale, 1981)

160. F.G. Wilson, T. Gladman, Aluminium nitride in steel. Int. Mater. Rev. 33(1), 221–286 (1988).
161. E.P. Wohlfarth, Ferro-Magnetic Materials, volume 2. Handbook of Magnetic Materials (North

Holland, New York, 1980)
162. Z. Xia, Y. Kang, Q. Wang, Developments in the production of grain-oriented electrical steel.

J. Magn. Magn. Mater. 320(23), 3229–3233 (2008).
163. H. Yamaguchi, M. Muraki, M. Komatsubara, Application of CVD method on grain-oriented

electrical steel. Surf. Coat. Technol. 200(10), 3351–3354 (2006).
164. T. Yamamoto, T. Nozawa, Effects of tensile stress on total loss of single crystals of 3 percent

silicon-iron. J. Appl. Phys. 41(7), 2981-& (1970).
165. T. Yamamoto, S. Taguchi, A. Sakakura, T. Nozawa, Magnetic properties of grain-oriented

silicon steel with high permeability orientcore hi-b. IEEE Trans. Magn. MAG8(3), 677–681
(1972).

166. H. Yashiki, T. Kaneko, Effects of Mn and S on the grain growth and texture in cold rolled
0.5% Si steel. ISIJ Int. 30(4), 325–330 (1990).

167. H. Yashiki, A. Okamoto, Effect of hot-band grain size on magnetic properties of non-oriented
electrical steels. IEEE Trans. Magn. MAG-23(5), 3086–3088 (1987)

168. A. Zaveryukha, C. Davis, An investigation into the cause of inhomogeneous distributions
of aluminium nitrides in silicon steels. Mat. Sci. Eng. A-Struct. Mater. Prop. Microstruct.
Processing 345(1–2), 23–27 (2003)



Index

A
ADI, see Austempered ductile iron (ADI)
Advanced high-strength steels (AHSS)

automotive
applications, 114
steel grades, 143

Chevrolet Malibu, 116
conventional, 261, 262, 278, 518
damages associated, 76
DP steels, 117–119
light weighting material options, 58
local formability, 143–144
low-density steels, 142–143
medium manganese steels, 132–135
PHS, 135–137
processing, 59–60
Q&P, 56, 129–132
2GAHSS, 116, 214
strength-ductility balance, 58
strength levels, 115
TBF, 128–129
3GAHSS, 68–69, 214
TRIP, 120–127
TWIP, 137–142

Alloy design
coating, 59
combinatorial thin-film synthesis,

409–411
computational, 514
cooling step, 118
Fe–Al–Mo-based, 426
implementation, 303–306
metal-based composites, 299

property
differentiation, 250
variation, 54

strategies, 300–303
thin-film synthesis, 409

Austempered ductile iron (ADI)
austempering of cast iron, 174–196
DADI (see Direct austempered ductile iron

(DADI))
European and American standards, 175
iron heat treatment, 172
mechanical properties, 180
microstructure, 202, 205
plasticity, 193
schematic diagram, 178
tensile strength and total elongation, 157

Austenitic Fe–Mn–Al–C steels
age-hardenable

aging kinetics, 257–258
effect of aging, 256
non-age-hardenable, 259–260

formation of intragranular κ ′ and κ∗
carbides, 232–235

intragranular
κ ′ carbides, 228–230
κ∗ phase precipitation, 230–232

precipitation of αg(Byp, 235, 236
Austenitic stainless steels (AUST SS)

high-temperature, 529–536
304 L, 265
TRIP/TWIP, 501
2XX and 3XX Series, 465
water-quenched states, 262

© Springer Nature Switzerland AG 2021
R. Rana (ed.), High-Performance Ferrous Alloys,
https://doi.org/10.1007/978-3-030-53825-5

615

https://doi.org/10.1007/978-3-030-53825-5


616 Index

B
Bainite (B)

CFB, 69–71
cooling/quenching, 48
formation, 40
homogeneous structure, 66
industrial applications, 370–373
in-use properties, 370–373
microstructure characteristic, 179
nanostructured, 341–343, 355–358
polygonal ferrite, 76
structure of TRIP steel, 63
transformation, 188

Batch annealing, 48–49
and CAL, 133
commercial quality, 45
and flattening, 570
HSLA steel sheet, 54
temperature-time processing, 50

C
CADI, see Carbidic austempered ductile iron

(CADI)
CALculation of PHAse Diagrams

(CALPHAD)
combinatorial approach, 5
flowchart, 5, 6
Gibbs energy functions, 5–7
isothermal phase sections, 221
paraequilibrium, 31–32
phase

diagrams, 394–397
fraction plots, 28–30
stabilities, 394–397

T0 boundary, 30–31
CALPHAD, see CALculation of PHAse

Diagrams (CALPHAD)
CAL, see Continuous annealing (CAL)
CAPL, see Continuous annealing with

presence of isotheral holding line
(CAPL)

Carbide-free bainite (CFB), 68–72, 74
Carbides

bainite exhibit, 66
CADI, 204
carbonitrides, 14–15
CFB, 69–71
grain boundary distribution, 46
interlamellar ferrite, 355
M23C6, 539, 541
microsegregation, 173
nitrides, 14–15
solubility product, 89

TEM images, 72
See also κ ′ carbides

Carbidic austempered ductile iron (CADI),
204, 205

Cast iron
applications, 205–207
basics of, 154–156
future perspectives, 205–207
manufacturing costs, 158–159
mechanical properties, 196–205
modern heat treatment (see Heat treatment)
types

as-cast matrix microstructure, 168–172
chemical composition–

microsegregation, 166–168
graphite morphology, 164–166
production–cast iron structure, 160–164

vibration damping capacity, 156–158
CFB, see Carbide-free bainite (CFB)
Coatings

as automotive parts, 279
composition profile, 588
corrosion and wear resistance, 435
for electrical steels, 601–605
zinc, 56

Cold-rolling
in AISI304 steel, 498
batch annealing, 48–49
CAL, 49–51
cold reduction mill, 45
Cr-Ni stainless steel, 506
divided, 47
fabrication, 349
galvanizing, 56–58
high-level process map, 45
metallurgical aspects of annealing, 48
microstructure evolution, 46
products processed, 51–56
sheets/strips, 483
steel products, 240, 580
steel strip gauge, 44
tandem cold rolling, 45, 46
temperature ranges, 46, 47

Computer simulations
atomistic and electronic structure, 398–401
CALPHAD approach, 394–397

Continuous annealing (CAL)
batch annealing, 54
CAPL, 64
cold-reduced strips, 50
cost-efficient method, 62
development of, 49
dual-phase microstructure, 62
ductility and formability, 51



Index 617

equipment, 580
high-strength steels, 45
hot-dip galvanized sheet, 49
HSLA, 224
line process section, 49, 50
primary cooling rates, 56
temperature-time processing, 50

Continuous annealing with presence of
isotheral holding line (CAPL), 62,
64, 483

Core losses, 54, 441, 442, 568, 570, 606
Corrosion resistance, 269–270

ASS, 466
binary Fe–Al, 433
biocompatibility, 546
Fe3Al and FeAl, 432
matrix’s strength, 318
nanostructured ferritic alloys, 366
oxidation and, 214
stainless steels, 470

D
DADI, see Direct austempered ductile iron

(DADI)
Deformation mechanism

ausferritic ductile iron, 182
characteristics, 244
experimental conditions, 245
fine-tuning steel microstructure, 292
mechanical performance, 401
metastable austenite, 62
Mn-TWIP steel, 265
parameter, 503
plastic, 330–334
testing temperature, 505
TRIP and TWIP, 246
TWIP steel alloying, 138

Density
deformation bands, 100
DFT, 5
dislocation, 348
hot/cold work, 53
LAGBs, 352
lattice parameter, 439
low-density (see Low-density steels (LDS))
magnetic flux, 54
mechanical properties, 306
metals, 295
nucleation sites, 87, 507
reduction, 271

Direct austempered ductile iron (DADI),
190–195

Dual-phase (DP) steels, 60–62, 85, 117–119,
144, 266, 319

Ductile iron
advantage, 156
ausferritic, 185
diagram, 167
direct austempering, 188–195
heat treatment, 174
machinability, 159
primary structure, 163
treatment of, 155

Duplex Fe–Mn–Al–C steels
formability, 266
microstructure evolution, 236–240
quenched conditions, 253–255
solution-treated conditions, 253–255

E
Electrical steels

batch annealing products, 48
coatings, 601–605
development chronology, 568–571
Fe–Si alloys, 54
future, 606
magnetic properties, 571–575

alloying elements, 576–579
cold rolling, 580–582
grain size, 575
impurity elements, 579–580
microstructure, 580–581
temper rolling, 582
texture, 575
thermomechanical processing, 580

zero magnetostriction, 442

F
Fe–Al–Mn–Si–C, 26–28, 214, 253, 269
Fe-base binary systems

alloying elements, 19
diagram phases

Fe–Al, 21
Fe–Mn, 20
Fe–N, 20
Fe–Nb, 22
Fe–Si, 21

Fe–C system, 22, 23
Fe-base ternary systems, 23–26
Ferrite-based duplex LDS, 215, 216, 224,

249–253, 278, 279
Ferritic stainless steels (FSS), 465, 522,

536–539
4XX Series, 466



618 Index

Ferritic stainless steels (FSS) (cont.)
heat-resistant, 474
intermetallics, 537
and MSS, 466
transformable, 523

Ferritic superalloys
alloy developments, 444
manufacturing, 445
processing, 445
properties, 444

Ferrous alloys
coiling, 44
cold rolling and annealing, 44–58
cooling, 44
creation, 294
FRT, 42–44
hot working of steels, 39–40
process modelling, 77–78
process-structure-properties relationships,

58–77
stages

reheating, 40–41
roughing, 41–42

steelmaking process, 38–39
Fe–Si alloys, 54, 436, 439–441, 576, 577, 580,

602
Fe–TiB2-based HMS

alloying effects, 312–316
ternary Fe–Ti–B materials, 306–312

Finish rolling temperature (FRT), 39, 42–44,
591, 593, 595, 596

1st generation advanced high-strength steels
(1GAHSS), 68, 75, 115, 120, 138,
139, 250, 277, 518

Formability, 265–267, 465, 545
coarse carbides, 51
cold rolling products, 47
ductility, 49, 51
local, 143–144
MA steels, 106–108
steel manufacturing companies, 68
and weldability, 53

FRT, see Finish rolling temperature (FRT)
FSS, see Ferritic stainless steels (FSS)

G
Galvanizing, 50, 56–58, 73, 365, 545, 587
Gibbs energy models

CALPHAD, 4–7
chemical concentration variations, 400
cryogenic temperatures, 33
Debye temperature, 400
end-members, 14

energy-composition diagrams, 3–4
mathematical functions, 2
multicomponent solution, 10
phase diagrams, 3–4
sublattice formalism, 12, 17
two-phase regions, 30
vibrational, 401

Grain-oriented electrical steels (GO/GOES)
built-in tension, 587
coarse grains, 584
crystallographic orientation, 584
Goss texture, 585
high-permeability steels, 585–586
hot-rolled strip, 583
innovative processing, 587–588
magnetic losses, 54
mass production, 586
processing, 583
sulphur and nitrogen, 585
See also Non-grain-oriented (NGO)

electrical steels
Grain refinement

austenite, 42
cold rolling, 259
CP steels, 65
Fe–Mn–Al–C alloys, 242
of ferrite, 86
high-temperature strengthening, 473
homogeneous structure, 66
low carbon content, 61
in MA steels, 93–95
Nb addition, 70
nucleation rate, 87
recrystallization process, 41, 53
transformation, 43

H
Hall-Petch strengthening, 359–361
HEAs, see High-entropy alloys (HEAs)
Heat resistant

ASS, 475
chromia-forming, 533
creep strength, 530
FSS, 471
MSS, 466
PHSS, 490
power plant applications, 536

Heat treatment
ausforming, 195–196
austempering of cast iron

austenitizing, 176–177
chemical composition role, 186–188
ferrite-to-austenite content ratio, 178



Index 619

isothermal transformation kinetics,
178–179

mechanical instability, 181–184
schematic diagram, 177, 178
temperature and time, 180–181
variations of treatment, 184–186

direct austempering
conventional heat treatment cycle, 189
cooling rate, 188
microstructure and properties, 190–195

intercritical phase, 117
isothermal transformation, 373
matrix structure, 172
normalizing, 172–174
Si layer, 442
toughening, 172–174

High-entropy alloys (HEAs)
diffusion-multiple probing, 403–406
element groupings, 391
experimental techniques, combinatorial

LAM, 407–409
rapid alloy prototyping, 402–403
thin-film synthesis, 409–411

FCC, 391
Fe-rich

interstitially enhanced, 393
microstructure, 411–414
properties, 411–414
substitutional, 392–393

iron containing, 26–28
multicomponent, 215, 390
simulation techniques, 394–401
single-phase solid solution, 391

High-modulus steels (HMS)
alloy design, 299–306
approach, 292–294
motivation, 292–294
physical metallurgy

matrix, 295–296
particle-matrix interaction, 298–299
particles, 296–298

recent developments
alternative alloy systems, 317–319
novel synthesis, 319–322
processing techniques, 319–322

High-strength low alloy (HSLA) steels, 45, 47,
53, 85, 118, 224

cold rolled and annealed, 53, 54
engineering stress-strain curves, 118, 119
Fe–Al steels, 277
Gr80, 47
low-carbon, 227
processing of, 88
See also Microalloyed (MA) steel

High-strength steel (HSS)
AHSS, 56
austenite, 23
automobile applications, 49
automotive processing, 59–60
CAL, 45
1GAHSS, 250
intercritical annealing temperatures, 50
SOFCs, 446
tensile strength, 520
3GAHSS, 214
total elongation relationship, 520
in vehicle architectures, 145

HMS, see High-modulus steels (HMS)
Hot-rolling, 349, 402
HSLA steel, see High-strength low alloy

(HSLA) steels
HSS, see High-strength steel (HSS)

I
IF steel, see Interstitial free (IF) steel
Intermetallic phases

Al- and Si-containing steels, 296
austenite, 424
carbides, 532
engineering stress-strain curves, 243
ferrite and martensite phases, 539
Fe–Si alloys, 439
grain boundaries, 508
Laves phase, 474
martensite, 424
mechanical behavior, 439
microstructure, 443
non-stoichiometric, 15–16
precipitation hardening, 430
Si concentrations, 438

Interstitial free (IF) steel, 49, 52, 53, 86, 116,
315, 488

Iron aluminides
alloy developments, 426–427
applications, 436
corrosion, 432–434
ductility, 429–432
erosion, 429–432
fatigue, 429–432
peculiar features, 427–429
phases and diagram, 425–426
strength, 429–432
synthesis and processing, 434–436
wear, 429–432

Iron-base systems
elements, 7–9
Fe-base



620 Index

Iron-base systems (cont.)
binary systems, 19–23
multicomponent systems, 26
ternary systems, 23–26

HEAs, 26–28
pure iron, 18, 19
solutions

carbides, nitrides and carbonitrides,
14–15

chemical ordering, 16–17
Gibbs energy, 9, 10
interstitial solid solutions, 13–14
non-stoichiometric intermetallic phases,

15–16
Redlich-Kister polynomial, 10
sublattice formalism, 11–13

stoichiometric compounds, 7–9
See also Thermodynamics

Iron-rich alloys, 20–22
interstitially enhanced, 393
microstructure, 411–414
properties, 411–414
substitutional, 392–393
See also High-entropy alloys (HEAs)

Iron silicides
applications, 441–443
phases and diagrams, 437–438
processing, 441–443
properties, 439–441

K
κ ′ carbides, 219–221, 223–232, 236–240, 244,

246, 255–257

L
Lightweight design, 292, 293, 298, 306, 307,

313, 320
Low-density steels (LDS)

application properties
corrosion resistance, 269–270
fatigue behaviour, 263–265
formability, 265–267
high strain rate properties, 262–263
impact toughness, 260–262
oxidation resistance, 268–269
wear resistance, 270
weldability, 267–268

challenges in scalability, 273–276
corrosion and oxidation, 214
effects of alloying elements, 216
future developments, 279–280

microstructure development (see
Microstructure)

phase constitutions, 216–223
physical properties

density, 270–272
Young’s modulus, 272–273

strengthening mechanisms
austenite-based duplex, 248–249
austenitic, 242–248
ferrite-based duplex, 249–250
ferritic, 240–242

tensile properties
alloy composition, 250
duplex and austenitic, 253–260
ferrite-based, 251–253
TE-UTS property map, 251

types of, 215–216

M
Magnetic anisotropy, 440, 574, 584
Martensite (M)

austenite, 23, 130
bainite, 48
brittle microstructural component, 67
carbide precipitation, 130
DP steels, 117
nucleation sites, 512
strain energy, 31
strain-induced, 122
transformation, 71
volume fraction of, 60

Martensitic stainless steels (MSS), 66–68,
465–467, 470, 471, 473–475, 480,
521, 522, 539–543

MA steel, see Microalloyed (MA) steel
Mechanical alloying

chemical composition, 336
matrix structure, 347–349
ODS steels, 336–337
oxides structure, 349–351
powder-metallurgy, 335, 543
processing route, 335, 336
recrystallization behavior, 352–354

Mechanical properties
corrosion/oxidation resistance, 548
fatigue, 202–203
fracture toughness, 200–202
HEAs (see High-entropy alloys (HEAs))
strength of cast iron, 197–200
wear resistance, 203–205

Microalloyed (MA) steel
alloying with carbon, 86
applications, 86



Index 621

austenite conditioning, 87
BH, 86
carbon content effect, 86, 87
commercial application, 85
elements role, 88–92
forming, 106–108
grain refinement, 87
HSLA, 85
processing of, 98–103
strengthening mechanisms

grain refinement, 93–95
precipitation hardening, 95–98

TMCP, 87
welding, 103–106

Microsegregation, 163, 166–168, 173, 195
Microstructure

as-cast matrix, 168–172
austenite, 42
austenitic Fe–Mn–Al–C steels

intragranular κ ′ carbides, 228–230,
232–235

intragranular κ∗ phase precipitation,
230–235

precipitation of αg(Byp, 235, 236
CP1000 steel, 66
DP780 steel, 61
DP steels, 117
in duplex Fe–Mn–Al–C steels, 236–240
evolution, 39, 225–227
generic processing routes, 224–225
grain size, 108
low-carbon TRIP steel, 121
and mechanical properties, 49
nanostructures in steels

mechanical alloying, 347–354
solid reaction, 354–358
wire drawing, 344–347

non-recrystallized region, 100
and properties, 190–195
refinement, 43

MSS, see Martensitic stainless steels (MSS)

N
Nanocrystalline materials, 329, 330, 334, 568
Nanostructured bainite

industrial applications, 370–373
in-use properties, 370–373
solid reaction, 341–343, 355–358
strength and ductility, 362–364

Nanostructured ferritic alloys (NFA)
austenitic steels, 443
chemical composition, 336
corrosion resistance, 366

creep resistance, 367
irradiation resistance, 368
matrix structure, 347–349
ODS steels, 335
oxidation resistance, 366
oxides structure, 349–351
recrystallization behavior, 352–354
scalability, 368
temperature dependence, 360–362

Nanostructured pearlite
failure mechanisms, 369–370
industrial applications, 369–370
solid reaction, 337–343

Nanostructured steels
definitions, 329–330
in-use properties and industrial applications

bainite, 370–373
ferritic alloys, 366–368
pearlite wire ropes, 364–365

mechanical alloying
chemical composition, 336
ODS steels, 336–337
powder metallurgy, 335
processing route, 335, 336

mechanical performance
bainite, 362–364
ductility, 359–364
ferritic alloys, 360–362
pearlite, 359–360
strength, 359–364
temperature dependence, 360–362

microstructure, 344–358
plastic deformation

heavily deformed pearlite wires,
332–334

hypereutectoid nanopearlitic steel
wires, 331

net-shape severe plastic deformation,
334

technological progress, 330
solid reaction

bainite, 341–343
failure mechanisms, 369–370
industrial applications, 369–370
pearlite, 338–341

NFA, see Nanostructured ferritic alloys (NFA)
Non-grain-oriented (NGO) electrical steels

categories, 589
chemistry, 591
low-grade cold-rolled steels, 590
magnetic flux, 588
mechanical strength, 590
processing, 590
silicon levels, 591
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Non-grain-oriented (NGO) electrical steels
(cont.)

texture and grain size, 591–601
thermomechanical processing, 589

O
ODS ferritic steel, 335, 366
ODS, see Oxide dispersion strengthened

(ODS)
Oxidation resistance, 216, 268–269, 275, 366,

432, 472, 474, 533, 535–537, 548
Oxide dispersion strengthened (ODS), 304,

335–337, 347–349, 366–368, 529,
542

P
Paraequilibrium, 31–32, 342, 343, 527
Phase constitution diagrams

Fe–Al, 217–218
Fe–Al–C, 218–220
Fe–Mn–Al–C, 220–223
Fe–Mn–C, 218–220

Phase diagram
binary systems, 2
CALPHAD, 4–7
Fe–Al, 217–218
Fe–Mn, 20
Fe–N, 20
Gibbs energy, 3–4

Phase equilibria
diagrams, 3–4
Fe–Al–C, 218
Fe–Al–Mn, 218
Gibbs energy-composition diagrams, 3–4
in iron-base systems, 17–28
liquidus temperatures, 425

Phase transformation
austenite, 64
cooling/coiling, 44
FCC austenite, 466
ferrous materials, 28
grain refinement, 41
intrinsic stacking fault energies, 140
of iron, 18
matrix phases, 476–478
reversibility of, 409
schematic presentation, 64
secondary phases, 480
stability of austenite, 478–479
ternary and multicomponent steels, 32

PH, see Precipitation hardening (PH)

PHS, see Press-hardenable steels (PHS)
Planar glide, 247, 248, 263, 277
Precipitation hardening (PH), 95–98, 225, 256,

278, 430, 467–469, 491, 512–517
Precipitation hardening stainless steels (PHSS),

466, 467–474, 480, 513–517, 544
Press-hardenable steels (PHS), 135–137

Q
Q&P steels, see Quench and partition (Q&P)

steels
Quench and partition (Q&P) steels, 71–74

engineering stress-strain curves, 130, 132
heat-treating process, 129, 130
predicted phase, 130, 132
QT, 129, 130
stainless steels, 517–529
TEM micrographs, 129, 131
third-generation AHSS, 129

R
Recrystallization

annealing, 48
austenite, 42, 92
EBSD analysis, 597
and grain growth, 53
hot-rolled microstructure, 591
microalloying elements, 100
NFAs, 352–354
RCR, 41
rolling, 42
spheroidization, 346
stainless steel, 482
time scale, 41

Rotor, 206

S
Severe plastic deformation (SPD), 331, 334,

494, 506, 535
Solid oxide fuel cells (SOFCs), 446
Solid reaction, nanostructured

bainite, 341–343, 355–358
failure mechanisms, 369–370
industrial applications, 369–370
pearlite, 338–341, 354–355

Solubility product, 56, 88–92, 108
Stacking fault energy (SFE)

controlling, 401
intrinsic, 140
mechanical stability, 502
parameter, 138
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steels twinning, 510
TRIP and TWIP phenomena, 313
TWIP steel alloying, 138

Stainless steels
alloying elements role, 468–475
categories, 465–468
chromium, 464
durability, 463
high-temperature

austenitic, 529–536
ferritic, 536–539
martensitic, 539–543

industrial applications
biomedical, 546
construction, 545
household appliances, 547–548
miscellaneous applications, 547–548
power plants, 547
transportation, 544

investigations, 463
maraging/PH, 512–517
matrix phases, 476–478
metastable (TRIP)

ASS alloying, 498
austenite grain size, 505
cold-rolled reduction, 498
deformation, 503
engineering stress-strain curves, 502
evolution, 501
FCC microstructure, 495
grain size, 503
Laves phase, 499
mechanical properties, 495
Ni content, 501
observed precipitates, 500
parameters obtained, 504
schematic diagram, 496
temperature-dependent variation, 497

nanostructured and ultrafine-grained,
505–512

processing, 480, 482–484
production, 480, 482–484
Q&P, 517–529
secondary phases, 480, 481
stability of austenite, 478–479
strengthening and ductilization mechanisms

dislocation strengthening, 488–489
friction stress, 485
grain size refinement, 492, 494
precipitation strengthening, 490–493
SSS, 485–488

Steel wire, 333, 344–347, 365
Stiffness, 272–274, 294–297, 298, 314, 317,

318, 365, 464

Structure-property relationships
AHSS for automotive, 59–60
CFB, 69–71
complex-phase steels, 65–66
dual-phase steels, 60–62
interactions, 59
martensitic sheet steels, 66–68
mechanical properties, 58
medium-Mn steels, 74–75
Q&P, 71–74
steel cleanliness, 75–77
third-generation AHSS, 68–69
TRIP steels, 62–65

Synthesis
HEAs, 401–411
liquid, 301
physical performance, 316
powder metallurgy, 305
and processing techniques, 300, 319–322,

434–436
schematic visualisation, 303
self-propagating, 304
as sintering, 301

T
TBF, see TRIP steels with bainitic ferrite

(TBF)
T0 boundary, 30–31
TCP phases, see Topological close-packed

(TCP) phases
Texture

control of, 591–601
crystallographic, 348
ferritic low-density steels, 227
Goss, 584–586
and grain size, 575, 591–601
HAGBs, 352
microstructure, 409
MnS particles, 55
nucleation, 55

Thermodynamics
CALPHAD, 4–7
equilibrium, 2–3
modelling of iron-base systems, 7–17
phase equilibria, 17–28

Thermomechanical processing (TMP)
chemical composition, 107
divided, 102
ductility, 431
on electrical steels, 580
ferrite-martensite microstructure, 61
GO electrical steels, 583
grain growth, 579
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Thermomechanical processing (TMP) (cont.)
grain-oriented steels, 589
parameters, 401
service conditions, 476
of steels, 39

3rd-generation advanced high-strength steels
(3GAHSS), 56, 68–69, 71, 74, 75,
116, 129, 132, 138, 214

TMP, see Thermomechanical processing
(TMP)

Topological close-packed (TCP) phases
austenitic, 446–447
C-free alloys, 445
ferritic(–martensitic), 446

Transformation and twinning induced plasticity
(TRIP/TWIP), 139, 247, 501, 504,
505

Transformation-induced plasticity (TRIP)
steels, 62–65

absorbed energy, 125
austenite, 74
bainite-containing, 69
carbon content, 64
CFB steels, 70
crash testing, 127, 128
crashworthiness, 126
engineering stress-strain curves, 123, 126
first generation of, 69
formability, 108
intercritical annealing, 51
low-carbon, 120, 121
and martensitic steels, 60
metastable stainless steels, 495–505
micrographs, 122
microstructures, 121
phase transformation, 64
schematic representation, 123, 124

strain-induced martensite fraction, 121, 122
strain rates, 125
TBF steels, 128–129
tensile properties, 115
thermal cycle, 120
transformation, 120
TRIP-DP-HEA, 393
TWIP effects, 239, 263, 278, 280

TRIP steels, see Transformation-induced
plasticity (TRIP) steels

TRIP steels with bainitic ferrite (TBF), 68,
128–129

TRIP/TWIP, see Transformation and twinning
induced plasticity (TRIP/TWIP)

Twinning-induced plasticity (TWIP)
austenitic stainless, 115
combinatorial screening of lightweight, 402
highly alloyed steels, 518
iron-rich high-performance, 415
Mn-TWIP steels, 242–244, 246, 265, 275,

277
steels, 137–142
strength and ductility, 414
temperature-time profiles, 239
TWIP-TRIP-HEAs, 414
See also Transformation-induced plasticity

(TRIP) steels

U
Ultra-high-strength steels, 68, 240, 364

W
Wear resistance, 203–205, 270, 369, 371, 432,

435, 447, 463, 522, 546
Weldability, 53, 69, 70, 86, 103–106, 267–268,

466, 473, 589
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